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ABSTRACT:
Ni and Fe based fcc alloys are frequently used as critical structural materials in nuclear
energy applications. However, despite extensive studies, fundamental questions remain regarding
point defect migration and solute segregation to grain boundaries after high temperature
irradiation and corrosion. Specifically, a systematic study on the role of grain size and grain
boundary character must be completed to develop insights into new material or processing routes
that have enhanced radiation tolerance, improved corrosion resistance, and thermal stability. In
this dissertation, an experimental approach is used to examine the response of grain boundary
character and grain size in a both model and engineering alloys under extreme environments.
After severe plastic deformation and thermomechanical processing to induce a range of grain
boundary types and grain sizes, heavy ion irradiation was carried out at a range of temperatures.
Post-irradiation analysis of specific grain boundaries using TEM/STEM and atom probe
tomography is used to examine the interaction of irradiation induced defects, defect denuded
zones, and deleterious Cr solute segregation as function of grain boundary character and grain
size. The results indicate variations observed in the Cr depletion and defect evolution as a
function of the grain boundary plane and coherency. The ultrafine grain size indicated a grain size
dependent response with reduced defect size. Overall, the work highlights the critical role for
considering both the grain boundary character distribution and ultrafine grain sizes for the
development of new advanced alloys for extreme environments.
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CHAPTER 1. Introduction:
1.1 Motivation:
Currently, nuclear energy provides approximately 13% of the electrical power globally
and will be a key source of non-fossil fuel based energy systems needed for the ever increasing
energy demand both in the United States and globally [2,13]. As the current light water reactor
fleet in the United States ages well beyond the initial 40-year license period and nears their
eventually end of life, it is vital to explore advanced structural materials and microstructural
designs that can be used in next generation reactors. Figure 1-1 indicates the energy output per
year as the end of life for the existing generation of light water reactors approaches in the United
States. Even with license renewals, newer-generation nuclear reactors will be needed to maintain
or exceed the existing energy output of the old reactors. While this new generation of reactors is
needed to provide for future energy demands, continued research into the feasibility of long term
aging of the existing light water reactor fleet is also required simultaneously.

Figure 1-1: Estimated energy output from the existing nuclear reactors for original license
period (green line) and original license period plus additional 20 years renewal period
(orange line) [1].
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A number of advanced reactor designs, such as supercritical water, sodium-cooled, and
gas-cooled reactors, shown in Figure 1-2, plan to operate under more extreme environments such
as higher dose, high dose rates, higher temperature, more corrosive environments, and longer
material lifetime. These combined environmental features provide a significate burden on the
structural materials [2]. It is apparent that there must be significant advances in the irradiation
and environmental response in current structural materials such as austenitic stainless steel, Ni
based alloys, and ferritic-martensitic steels planned as key structural materials. While the
material demands are high, these Generation IV reactors designs provide significant enhanced
passive safety, minimized waste designs, and low proliferation risk in comparison to the current
generation of reactors [2].

Figure 1-2: Illustration of the various Generation IV nuclear reactor operating space in
terms of displacement per atom, a measure of neutron damage through neutron fluence,
and operating temperature. All Generation IV reactors occur at both a higher temperature
and higher fluence than current generation of reactors [2].
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One particular route for improved materials response under irradiation and other extreme
environments is grain boundary sensitive design. Grain boundary sensitive design is broadly
defined as any route to engineer or tailor either individual grain boundaries and/or the network of
grain boundaries to improve a particular property or environmental response. One approach to
engineer the GB network in low to medium stacking fault FCC materials is grain boundary
engineering (GBE). GBE has proven to be a successful processing route to improve resistance to
stress corrosion cracking, intergranular corrosion, and oxidation [14]. The exploration of GBE in
nuclear materials environments also indicate for example a reduced rate of intergranular stress
corrosion cracking in 316L under simulated supercritical water environments [15]. However, a
more systematic study into the mechanisms of GBE and the response of individual GB structures
and their network must be completed to determine actual feasibility for use as a structural alloy
route in the next generation of reactors.
A second approach to GB sensitive design is reducing the grain size to either the
nanocrystalline or ultrafine grained regime. Ultrafine grained and nanocrystalline materials with
grain sizes less than 1000 nm and 100 nm respectively have garnered extensive interest in nuclear
energy applications with the potential to reduced radiation damage because of the inherently high
fraction of GBs (an efficient point defect sink) [2–5]. A number of studies have indicated that
these high defect sink materials can provide increased radiation tolerance including reduced loop
size, loop density, and void growth. The exploration of bulk prepared nanocrystalline and
ultrafine grain materials in nuclear applications is still limited. Direct evidence on how the
irradiation induced defect microstructure interacts with the heavily deformed grain boundaries in
severe plastically produced alloys is desired to understand the underlying mechanism.
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1.2 Problem Statement and Aim:
The application of grain boundary sensitive design has the potential to provide solutions to
existing issues faced by structural alloys for both current and future generation reactors.
Specifically, grain boundary engineering of austenitic stainless steel has the possibility to provide
improved intergranular corrosion and irradiated assisted stress corrosion cracking compared to
traditionally processed stainless steels. Second, the use of bulk processed ultrafine grain
materials could provide a feasible route to improve a number of radiation induced degradation
mechanisms with particular emphasis on radiation induced hardening caused by a high density
irradiation induced dislocation loops and voids. The aim of this thesis is to provide insight into
the following goals:
Goal 1: Improve current knowledge between GBE process/mechanism, GB descriptors, and GB
character in 316L stainless steel for the following industrial relevant environmental responses:
intergranular corrosion and high temperature heavy ion irradiation
Goal 2: Provide a correlation between the full grain boundary character distribution
(misorientation and GB plane) and irradiation effects in a model Ni-5Cr alloy. This will allow for
a direct comparison to computation models including kinetic rate theory solute segregation
models.
Goal 3: Investigate the microstructural response under irradiation with specific emphasis on
dislocation evolution and dislocation-GB interactions in ultrafine grain model alloys using in-situ
TEM irradiations.
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1.3 Organization of the Thesis:
Each results chapter (Chapter 3 to Chapter 8) corresponds to an either a peer-reviewed journal
publication from the work, a submitted manuscript, or a manuscript in preparation.
The thesis is organized into two results sections: Part I (Chapters 3 to 6) on the engineering alloy
316L stainless steel and Part 2 (Chapters 7 to 8) on the model fcc system alloy Ni-5Cr.

The use

of both an existing structural alloy and a simplified model alloy allowed a broad spectrum of
grain boundary dependent properties to be examined and compared to existing literature and
computational modeling. The thesis chapters are organized with the following structure:
Chapter 2. Background and Literature Review: In this chapter the relevant background
information of grain boundary sensitive design is introduced. The chapter describes both the
structure and modification of the grain boundary network through thermomechanical processing
in fcc systems. The chapter further describes the existing state of art on correlating the GB
structure and network to particular nuclear energy related extreme environments. Furthermore,
the chapter provides an introduction to the evolution of microstructures with emphasis on grain
boundaries and grain size under irradiation.
Chapter 3. Mechanisms of Twin-related Grain Boundary Evolution During Low Strain Grain
Boundary Engineering Processing: In this chapter the evolution of twin related domains and
formation of the higher order twin boundary network is examined in the context of low strain
recrystallization grain boundary engineering processes in 316L stainless steel.
Chapter 4. Grain Boundary Character and Connectivity Dependent Corrosion in Grain
Boundary Engineered 316L Stainless Steel: In this chapter intergranular corrosion is examined
using twin related domains as a key microstructural descriptor to provide new insight into
corrosion propagation and arrest in the GB network.
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Chapter 5. Anisotropic Radiation Induced Segregation in 316L austenitic stainless steel: In this
chapter radiation induced segregation in 316L stainless steel is examined as a function of grain
boundary character with particular emphasis on the coherent and incoherent twin GBs.
Chapter 6. Persistent Observation of Oscillatory Radiation Induced Segregation at Grain
Boundaries in High Dose Neutron Irradiated 316 Stainless Steel: In this chapter
segregation to both a coincidence site lattice and random high angle GB are examined in a
light water reactor relevant neutron irradiation environment with emphasis on variations in
segregation phenomena within the GB plane in 316 stainless steel.
Chapter 7. Grain boundary character dependence of radiation-induced segregation in a model
Ni–Cr alloy: In this chapter grain boundary character dependent radiation induced segregation
and void denuded zone is examined in a model Ni-5Cr alloy
Chapter 8. Examination of grain boundary-defect interactions in severe plastically deformed
ultrafine and coarse grain model Ni-Cr alloy: In this chapter the response of coarse and ultrafine
grain model Ni-Cr is examined under in-situ TEM ion irradiations with emphasis on the
interaction of both pre-existing lattice dislocations and irradiation induced dislocations with GBs.
Chapter 9. Conclusions and Future Work: In this chapter a summary of the key results from the
thesis chapters are presented. An overview is presented on how these results can provide
advancement for the continued development of grain boundary sensitive design with emphasis on
nuclear materials.
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CHAPTER 2. Background:
2.1 Grain Boundary Structure:
Given any polycrystalline or bicrystalline material, the region that separates two adjacent
grains is considered the grain boundary (GB). The GB region subsequently disrupts the regular,
long range atomic packing seen in the adjacent grain. Therefore, the grain boundary region
represents a transition between the grain interior and subsequently a change in orientation. As
shown below, the grain boundary plays a critical role in microstructure-property relationships. In
order to fully characterize the structure of a grain boundary, five degrees of freedom are
necessary to describe the macroscopic geometry [16].

2.1.1 Grain Boundary Misorientation and Plane
A total of five macroscopic and three microscopic degrees of freedom are used to
describe the character of a grain boundary. Three macroscopic degrees of freedom are required to
describe the misorientation (Δg), the rotation which brings one grain orientation into matching
orientation with respect to an adjacent grain. One method to determine misorientation is the
passive rotation method. This method finds the orientation of both grains and describes how one
grain is first transformed to the specimen reference frame and then rotated to the crystal axes of
the second grain [16]. This rotation is completed by matrix multiplication of the orientation
matrix of the first grain by the inverse of the orientation matrix of the second grain as detailed in
Eq. 2-1. The inversion of the grain B orientation is simply the rotation required to transform the
specimen reference frame to the crystal reference frame of grain B. Here, gA and gB are the
orientation matrix of the adjacent crystals.
𝛥𝛥𝑔𝑔𝐴𝐴𝐴𝐴 = 𝑔𝑔𝐴𝐴 𝑔𝑔𝐵𝐵 −1 = 𝑔𝑔𝐵𝐵 𝑔𝑔𝐴𝐴 −1

Eq. 2-1

The misorientation, represented by the Δg matrix can be transformed in the angle-axis notation as
described elsewhere [17]. Two degrees of freedom are necessary to describe the orientation of
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the grain boundary plane, n. The orientation of the grain boundary plane is represented by two
spherical angles (θ’, φ’) which represents the normal direction to the grain boundary interface
[17]. The unit vector n, as described by the two spherical angles (or directional cosines), is
typically transformed into Miller indices that describe the grain boundary plane normal direction
(which for cubic crystals, due to symmetry, is also the representative grain boundary plane)
[18,19].

2.1.2 Grain Boundary Structure:
From the perspective of the atomic structure of grain boundaries, many models, as described in
[17], have been hypothesized to describe their nature. These include the early ‘amorphous
cement’ model of Rosenhain and Ewen to the ‘transition zone’ description by Hargreaves and
Hill. Currently, the accepted models divide grain boundaries into two simple key classes: lowangle grain boundaries (LAGBs) and high-angle grain boundaries (HAGBs) as discussed by
Rohrer [17].
LAGBs are boundaries with a small misorientation angle (θ) that can be represented by
arrays of screw or edge dislocations. This model is first described by Read and Shockley when
they related grain boundary structure with grain boundary energy by accounting for the strain
fields associated with the dislocation cores [20]. The premise of the dislocation model is
described by the size of the dislocation’s Burgers vector (b) and the dislocation spacing (D) is
given by Eq. 2-2:
𝜃𝜃
2

sin � � =

𝑏𝑏
2𝐷𝐷

Eq. 2-2

As θ increases, the dislocation spacing reaches a point where the dislocation core overlap,
creating an unrealistic model. The accepted value for θmax for the dislocation model of LAGBs is
approximately 13˚-15˚ [21]. Misorientation angle ~> 15˚ are generally classified HAGBs.
HAGBs, unlike LAGBs, have a high proportion of ‘open’ structure and low atomic fit. In
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general, HAGBs are associated with high energy due to the poor atomic fit, high free volume, and
related broken or distorted bonds [22]. However, exceptions exist such as minima in grain
boundary energy which are associated with special GBs. These special GBs are often associated
with high atomic fit and are associated with specific misorientation and/or specific grain
boundary planes [22].
At particular grain boundary misorientation values, there can be a high degree of lattice
sites in coincidence between grains. The coincidence site lattice (CSL) model describes the
geometric relationship at these particular misorientations of high coincidence. The CSL model
was first proposed by Kronberg and Wilson while studying recrystallization in copper [23].
Kronberg and Wilson do not state that the CSL model is associated with low grain boundary
energy or special properties but many researchers that have followed their work have suggested a
connection between low-CSL values and low grain boundary energy (e.g. Brandon et. al. [24]).
The CSL model is described by taking into consideration a specific angle and axis of
misorientation. At the equilibrium GB position, specific lattice sites along the grain boundary of
both crystals are in coincidence. The lattice sites that are shared by both crystals occur in a
regular, repeating fashion along the length of the grain boundary. The density of coincidence
sites is represented by an Σ value. It is defined as the reciprocal density number of coincidence
sites [25]. The Σ value is also defined as the ratio of the number of lattice sites in coincidence a
standard cell divided by the total number of lattice sites in a standard cell [26] given by Eq. 2-3:
Σ=

Total number of coincidence lattice sites in standard cell
Total number of lattice sites in standard cell

Eq. 2-3

Since variations exist from the ideal Σ value due to the presence of dislocations along the grain
boundary there is a criteria developed to describe the maximum allowable angular deviation from
the ideal CSL. The maximum permissible deviation according to Brandon’s criteria [24] is given
by Eq. 2-4:
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𝜃𝜃 = 𝜃𝜃𝑜𝑜 (𝛴𝛴)−1/2

Eq. 2-4

The value of θ0 is given to 15˚ which corresponds to the approximate maximum deviation caused
by a dislocation boundary (LAGB). The 15˚ is the maximum approximate value in which the
dislocation model of grain boundaries can be described accurately. Therefore, vicinal boundaries
can be included in the same category as boundaries in true coincidence.
Researchers have often attempted to correlated improved resistance to grain boundary
dependent failure with low-CSL boundaries (Σ ≤ 29). The key assumption made is that that the
high lattice fit associated with the high degree of coincidence should correlate with reduced grain
boundary energy. However, it is important to note that the CSL model is only a geometric
relationship and describes the relationship of lattice sites between adjacent crystals exclusively.
Therefore, the correlation between CSL boundary and improved GB resistance dependent failure
cannot be adequately described by a CSL value. For example, the Σ3 CSL boundary can
corresponds to either a ~70.5˚[110] or the 109.5[110] misorientation correlating to a symmetric
{111} GB plane or symmetric {112} GB plane [27]. The ~70.5[110] with {111} GB plane
normal is common annealing, coherent twin seen in the low to medium stacking fault metals
which is shown to have vastly different GB energy and mobility than the {112} twin [28,29].
Other methods have been developed to represent correlations between both misorientation and
GB plane. For example, Homer et al. [3] illustrates the correlation between structure-property
relationships in GB space as represented by a fundamental zone. This is shown in Figure 2-1
which indicates a wide range of GB energy, excess volume, and GB mobility as function of GB
plane in a number of low CSL GBs.
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Figure 2-1: Fundamental zone visualization of a grain boundary structure dependent
properties including grain boundary energy, excess volume per grain boundary area, and
grain boundary mobility [3].

While the CSL model is convenient, more detailed models can be used to describe the
atomic structure of the GB. One of the most popular is the structural unit (SU) model developed
by Bishop and Chalmers and expanded in the current convention by Sutton and Vitek [30,31].
The SU model considers small groups of GB atoms in ordered polyhedrons [32]. Each SU
represents this localized region of the GB and in combination with the sequence of the other
ordered polyhedrons along the GB plane, the GB structure can be described. Furthermore, there
are other methods to describe the atomic structure of the GB including the structural unit/grain
boundary dislocation model which is discussed in detail by Priester [32].

2.2 Dislocation - GB Interactions:
Under applied loads or during high temperature annealing, lattice dislocations can
interact with GBs. It has been shown that under applied stress, lattice dislocations can enter the
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GB atomic structure. Once the dislocation has entered the GB atomic structure, the GB can be
considered to be at a non-equilibrium state [32]. Figure 2-2, reproduced from Poulat et al. [4]
indicates that an extrinsic dislocation is accommodated by the breaking of the periodic array of
SU in the GB. The extrinsic dislocation is characterized as a GB dislocation that is separate or
isolated from the intrinsic GB structure. In this case, there is a loss of two D SU at the white
arrows which is the indication of presence of an extrinsic dislocation in the symmetric tilt Σ11
GB.

Figure 2-2: High resolution transmission electron microscopy image of a Σ11 symmetric
{332} GB reproduced from [4]. The image shows the ordered array of structural units
along the GB length; two white arrows indicate a break from this structural unit array with
missing “D” units associated with extrinsic dislocations.

Priester [32] has characterized three different dislocation GB interactions under external
stimuli such as high temperature annealing and/or applied load: combination, decomposition, and
transmission. The decomposition process for example can be described by the dissociation of a
Perfect lattice dislocation to two partial dislocations. In this case, one partial dislocation is
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typically glissile and can migrate along the GB while the other is sessile, limited to climb.
Importantly, since the decomposition is dependent on the GB structure, the nature of the
decomposition reaction is heavily dependent upon the full GB character. Lattice dislocation
transmission through a GB has been shown to occur in only special instances when the slip planes
traces are common to the GB plane [32,33]. However, direct transmission is typically not
observed experimentally. Indirect transmission of dislocations is the process of a high stress
concentration due to dislocation pile-up causing the activation and formation of a dislocation
source in the local vicinity of the GB and adjacent grain [32].
2.3 Twin Structure:
As described above, the Σ3 GB coherent twin boundary is a symmetric tilt GB with a
{111} plane normal. To visualize the twin boundary, Figure 2-3 indicates the simple sequence
disruptions from the FCC crystal lattice for both a stacking fault and a twin boundary. It can be
observed that the local stacking sequence in the twin boundary and stacking fault have one and
two layers of HCP lattice packing respectively. Therefore, it is assumed that in systems with a
low (e.g. Brass) to medium stacking fault energy (Ni), the ability to accommodate the small
energy increase from a twin boundary is easier than high stacking fault energy materials (e.g.
Aluminum) in the FCC crystal.
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Figure 2-3: Illustration of the stacking sequence in the {111} plane for fcc crystals for
normal lattice, stacking fault, and twin boundary configurations

2.3.1 Formation During Grain Boundary Migration:
A number of proposed mechanisms exist for the formation of twin boundaries during
recrystallization and grain growth. Recently, Lin [34] provided an overview of the twin
mechanisms models with four main proposed models: growth accident model, grain boundary
dissociation model, grain encounter model, and stacking fault packets on migrating boundaries
model. One of the more popular models as proposed originally by Gleiter [5] is the growth
accident model which is shown schematically in Figure 2-4A. Here, migrating GBs have
preferred {111} facets during migration. In the Figure 2-4A, Grain II is migrating up at the
expense of Grain I. Therefore, new layers of atoms are formed in Grain II from Grain I. While
the continued crystal lattice sequence is preferred, Glieter notes that the next lowest configuration
is the twin sequence. As such, depending on temperature of the recrystallization, there is a finite
probability that a stacking error will occur and form a twin boundary. This is noted as the next
lowest energy configuration. Mahajan et al. [35] proposed a modification of the growth accident
model, showing in Figure 2-4B, in which Shockley partial loops nucleate on consecutive {111}
planes on migrating {111} steps along a curved migrating GB.
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Figure 2-4: Illustration of the (A) growth accident model of Gleiter [5] on the left and (B)
the modified growth accident model of Mahajan with Shockley partial loop nucleating on
the migrating GB on the right [6]

2.4 Grain Boundary Engineering and Grain Boundary Network Descriptors in
Twinned Materials:
The basic principle and foundation for ‘grain boundary engineering’ or ‘grain boundary
design and control’ is the ability to control and improve grain boundary dependent failure
phenomena. As first introduced by Watanabe in the 1980’s as grain boundary design, his basic
concept was to obtain an increased resistance to intergranular fracture of brass by creating ‘strong
and ductile’ polycrystals [36]. Palumbo later termed the process “grain boundary engineering” as
a thermomechanical process in which the increase in the frequency of ‘special’ boundaries leads to
an increased resistance in boundary dependent failure [35].

The design or engineering aspect

involved specific TMP routes that increased the proportion of special, low- Σ CSL boundaries. In
the early studies, the increased resistance to intergranular failure is credited to the increase in lowΣ CSL boundaries.

Although it is clear now that this one-to-one correlation is an over-

simplification, due in part to the anisotropic nature of grain boundary structure [27], it was used to
successfully introduce commercially viable alloys with improved grain boundary dependent
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properties [37]. A wide range of mechanisms have been explored to understand the formation of
heavily twinned GB networks. These mechanisms have been described and include low strain
induced boundary migration followed by twin boundary formation during grain growth [38], Σ3
regeneration model of Randle [39], and decomposition and dissociation of immobile boundaries
during annealing [40] to describe the mechanisms of twin evolution during GBE. A conclusive or
unified mechanism for the formation of the heavily twinned low to medium stacking fault materials
is unclear.
In order to effectively describe the heavily twinned GB network, a number of various
microstructural descriptors have been used to characterize the GB networks. Early research
primarily used the increase in length or number fraction of twin related GBs [39]. Here, fraction
of all low CSL GBs or specific CSL GBs (i.e Σ3 exclusively or Σ3n (n ≥ 1) were used to compare
against different processing routes. In addition to the singular GB fractions, the use of triple
junctions have be examined to provide an estimate of triple junctions containing a specific types
of GBs [41]. More recently, another GB network descriptor to evaluate heavily twinned
microstructures is through the use of twin related grain clusters or twin related domains (TRDs).
Reed et al. [42,43] and others [44,45] describe a TRD as a large cluster of spatially adjacent twinrelated grains. In a similar fashion, Gertsman et al. [46] and others [47–50] defines a twin grain
cluster as a region of a microstructure in which all of the GBs within a given cluster of grains are
described by a Σ3n misorientation. Liu et al. [50,51] and Xia et al. [52] have highlighted that low
strain deformation in Alloy 690 with recrystallization type annealing steps produced
microstructure with large twin related grain clusters (TRDs). Recently, GBE microstructures
have been explored using three dimension techniques including near field high energy diffraction
microscopy [7,45,53]. Figure 2-5, reproduced from Lind et al. [7] visualizes an example of an
engineered (Figure 2-5a) and conventionally prepared Cu (Figure 2-5b) examined in 3D. The
study provides advanced metrics of TRD size through fractal representation of each grain
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orientation while providing advanced statistics and metrics that are otherwise difficult to measure
experimentally using traditional two dimension techniques of electron backscatter diffraction.

Figure 2-5: Illustration of the three dimensional visualization of the engineered (a) and
standard (b) prepared Copper samples from high energy diffraction microscopy where the
grain size (twin excluded) is notable larger in the engineered alloy compared to the
standard prepared material (Reproduced from Lind et al. [7])

2.5 Ultrafine Grain Materials:
SPD on metallic alloys results in extreme grain refinement by inducing extremely high
strain without significant changes in the overall sample dimension [54–57]. The mechanism and
fundamental processing of grain refinement for SPD materials is still an unanswered question.
One common model of grain refinement is based on the accumulation of dislocations on
dislocation cell walls during high strain deformation [54]. As the dislocation accumulation
increases at the cell wall, the misorientation between the adjacent cell walls increases. In this
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model, the dislocation cell wall gradually transforms into a random high angle GB upon
continued strain.

The application and research of SPD processing techniques is rooted in the potential to
enhance particular material properties in comparison to conventional coarse grain materials.
Historically, the major application of SPD materials was towards the large increase in mechanical
strength compared to coarse grain counterparts. Although increases in mechanical strength is
observed in most SPD materials, a major problem is thermal stability. As a result of the high
density of excess dislocations, recovery and recrystallization can occur at significantly low
temperatures compared to coarse grain counterparts [54]. For example, recovery is observed in
SPD oxygen free Cu at room temperature [58].

There is also evidence that SPD materials contain “non-equilibrium” GBs. Sauvage et al.
[59] indicates that non-equilibrium GBs possess a higher excess GB free volume and long range
elastic strain in comparison to equilibrium GBs in conventional coarse grain GBs [59–63]. A
model developed by Nazarov e t al. [64] highlight a possible formation mechanism for these nonequilibrium GB structures. In the model, lattice dislocations migrate to high angle GBs during
SPD and form extrinsic GB dislocations. In the case of the SPD GBs, the formation of a high
density of extrinsic dislocation network can lead to the formation of the non-equilibrium GB
structures. The non-equilibrium GB as described by Nazarov have increased GB energy, free
volume, and elastic strain. It is important to note however that there does not appear to be any
distinction made in literature between a GB with high density of extrinsic dislocations and a so
called “non-equilibrium” GB.
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2.6 Radiation damage and microstructural changes in Ni-Fe-Cr alloys:

Structural alloys used in current and planned future fission nuclear reactors are operated
in extreme environments which include high temperature, high stress, corrosive local coolants,
and high irradiation dose. The extreme environments provide a significant challenge to meet
engineering demands such as long term material reliability, safety, and plant renewal licensing for
existing reactors [1]. The major material degradation issues are radiation damage from the
interaction and transfer of energy from the irradiating species into the structural component.
Radiation damage ultimately leads to a number of complex phenomena as highlighted in Figure
2-6: irradiation hardening or embrittlement, radiation induced or enhanced segregation and/or
precipitation, irradiation enhanced creep, void swelling, and irradiated assisted stress corrosion
(IASCC) cracking [2,3].

Figure 2-6: Various failure mechanism in Fe-Ni-Cr alloys as a function of neutron fluence
in light water reactor environments [8].

Radiation induced hardening is a particular concern after high dose irradiation. As
observed in Figure 2-7a, the loss of ductility is readily apparent by 7 dpa in a 316 stainless steel
neutron irradiated in the high flux isotope reactor at 330°C [8]. The radiation hardening is due to
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the combined increase in point defects, irradiation induced dislocation density and size, radiation
induced precipitation, and voids. These irradiation induced microstructural defects act as
significant pinning and obstacles for dislocation mobility and slip. Figure 2-7b shows an example
of the evolution of voids in various austenitic stainless steels where an observed steady-state
swelling of ~ 1%/dpa is observed [2]. This high steady state swelling and subsequent increased
radiation hardening and embrittlement limit their application to very high dose operation planned
for most Generation IV reactors and potential for extended materials lifetime in current
generation light water reactors [2].

Figure 2-7: (A) Stress-strain curves for 316 neutron irradiated to 330°C to various doses
indicating significant radiation induced hardening [8]; (B) Volumetric swelling observed in
304L, cold worked 316, and Ti-modified 316SS indicating all eventually observe a high
steady state swelling regime [2].

2.7.1 Irradiation induced point defects, clusters, and agglomerations:
The transfer of energy from an incident neutron, ion, or proton to the target lattice causes
significant radiation damage. The energy transfer and damage, although different for the incident
particle type is described by a collision, spike, quench, and anneal steps [65]. During the
collision cascade, both individual Frenkel pairs of point defects and point defect clusters are
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created [65]. These point defects and clusters can be mobile and annihilate at defect sinks such as
grain boundaries [12,66]. In cases where the collision cascade occurred near GBs, mobile
interstitials have been shown by molecular dynamics to migrate to the GB, leading to an excess of
vacancies in the grain interior [12]. As the cascade ends, defect reactions can take place which
led to further clustering of point defects as voids and dislocations or point defect recombination.
In low stacking fault fcc materials, irradiation induced dislocations can form during
clustering of point defects from cascade events. Experimentally, these are most commonly
observed as interstitial or vacancy faulted Frank loops with a 1/3<111> burgers vector and lie on
{111} planes [65]. In addition, vacancy clusters can also form stacking fault tetrahedron or
voids/cavities. The faulted dislocation loop is characterized by an extrinsic (vacancy) or intrinsic
(interstitial) stacking fault by the addition/removal of a layer of atoms in the crystal plane. Upon
further irradiation, larger interstitial Frank loops with sizes greater than 10 nm can arrange from a
supersaturation of interstitials. The dislocation loops can grow during extended irradiation and
the size and density depend greatly on the experimental conditions such as irradiation species,
dose, dose rate, temperature and on pre-existing microstructural features such as pre-existing
dislocation density and composition. In a similar fashion to the interstitial Frank loops, void or
vacancy dislocation loops can nucleate from a supersaturation of vacancies. After a high fluence
𝑎𝑎
2

irradiation, Frank dislocations can dissociate into Perfect dislocations with [1 1 0] type burgers
vector. These Perfect dislocations are shown to form a dense network of dislocations with
increasing dose [65].

2.7.2 Radiation induced segregation and related point defect kinetics:
RIS in Ni-Fe-Cr fcc alloys results in significant depletion of Cr at the GB which reduces
the local corrosion resistance of the alloy [67]. The mechanisms by which solute and impurity
atoms enrich and deplete at point defect sinks such as GBs, voids, and dislocations are based on
the preferential interaction of either the irradiation induced vacancy or interstitial point defect
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flux with a particular solute flux. The defect diffusion towards the sink site results in the
preferential depletion or enrichment of elements as shown in Figure 2-8 for a 304 stainless steel
alloy.

Figure 2-8: Example of grain boundary microchemistry due to radiation induced
segregation in a 304 stainless steel irradiated to 20 dpa [9]. The most common mechanism is
a vacancy-solute exchange where the fastest moving element through vacancies depletes at
the point sink while the lowest moving element enrich at the sink.

In order to accurately predict the evolution of RIS as function of irradiation temperature
and dose, a number of models have been investigated throughout literature to predict and explain
RIS phenomena in the Ni-Fe-Cr alloy system. Typically, the RIS models use a rate theory
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approach which follow the initial work of Wiedersich [68]. A set of coupled diffusion equations
are solved as shown below in Eq. 2-5 and Eq. 2-6 for the Widersich type rate theory approach
[10]. The number of elements is variable depending upon the number of primary alloying
elements. In literature, this type of equation is solved for Fe-Ni-Cr, Ni-Cr, or Fe-Cr simple
systems.
dJ
dCm
=− m
dx
dt
dC p
dJ
= K 0 − ∑ K loss − p
dt
dx

(Eq.2-5, Eq. 2-6)

In equation Eq. 2-5 (from [69]), Ci and Ji are the concentration and flux of component i as
functions of time t and position x. The subscript m refers to metal species (e.g. Fe, Ni, Cr, ect.)
and p refers to point defect species (vacancy or interstitial). The term K0 is the net production
rate of point defects and the summation over the Kloss terms account for the loss of point defects
by mechanisms such as mutual recombination and annihilation at sinks other than GBs (e. g.,
dislocations) as discussed in both Barnard et al. [70] and by Was [65].

Figure 2-9: Various models predicted and experimental RIS behavior in a Ni-18Cr binary
alloy from Barnard and Morgan [10]. It is noted that the best match between model and
experiment is accomplished by combining both an preferential interstitial and vacancy term
into the model.

24
Multiple approaches to this rate theory model have been developed including the influential Perks
model. Here, Perks et al. [71] described RIS as a vacancy only driven mechanism in which the
Cr element has the highest vacancy diffusivity and subsequently depleted at the point defect sink
in the Fe-Ni-Cr system. The Perks model assumed that there was no preferential interaction
between the interstitial flux to the point defect sinks and major alloying elements. Later, Allen et
al. [72,73] developed a modified Perks model which was called the modified inverse Kirkendall
model (MIK). The MIK model also only relied on the vacancy-solute preferential interaction in
similar fashion to the Perks model but added additional constraints based on composition and
local changes in solute vacancy diffusivities. More recently, Tucker et al. [74] and Barnard et al.
[10,75] have explored the role of interstitial diffusivity in fcc Ni based RIS behavior. Interstitial
diffusivities obtained from ab-initio molecular dynamics indicate that in a Ni-Cr model alloy, Cr
exhibits strong interaction with interstitial defects. The accounting of the preferential Cr
interstitial diffusivity along with the vacancy mechanisms described in the previous models,
Barnard et al. [10] was able to model RIS in a Ni-18Cr model alloy with good agreement with
experimental RIS measurements shown in Figure 2-9. Here, the ab initio molecular dynamic
(ABMD) interstitial contributions are considered in the RIS model called “AIMD-based model”.
Furthermore, the model incorporates a grain boundary sink strength which accounts for a lower
sink strength compared to a perfect sink model following the work of Duh et al. [76].
2.8 Effects of Grain Size on Radiation Induced Phenomena:

UFG and nanocrystalline materials with grain sizes less than 1000 nm and 100 nm
respectively have garnered extensive interest in nuclear energy applications with the potential to
reduced radiation damage caused by the inherently high fraction of GBs and subsequently higher
density of defect sink sites [77–80]. A number of studies have indicated that these high defect
sink materials can provide increased radiation tolerance including reduced density of irradiation
induced loops, reduced loop size, reduced void growth, and resistance to amorphization in a wide
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range of material systems from ZrO2 [81,82], MgGaO4 [80], Pd [82], W [83], SiC [84],
nanotwinned Cu [85], and Ni [79]. For example, early studies by Singh and Foreman in the
1970s [86] indicated reduced void swelling in stainless steels with grain sizes below 1 µm. This
provided early motivation to examine nanocrystalline and ultrafine grain materials for advanced
reactor alloys. Song et al. [78] examined UFG ferritic-martensitic T91 with heavy Fe ions at
450°C and indicate a reduced density of both irradiation induced dislocation loops and
nanocavities for the UFG condition compared to traditional coarse grain T91 condition.
Alsabbagh et al. [87] examined variations in mechanical and microstructural properties between
equal channel angular pressing (ECAP) and coarse grain ferritic low carbon steel after neutron
irradiation. The study indicated the ECAP steel had minimal radiation induced hardening in
comparison to coarse grain low carbon steel. The study however did not examine in detail the
dislocation density before and after irradiation in either sample conditions by conventional TEM
defect analysis methods. Recently, Sun et al. [11,88] observed reduced swelling and a reduced
density of irradiation induced M23C6 precipitation in a UFG 304L stainless steel in comparison to
coarse grain 304L after irradiation at 500C to 80 dpa with Fe ions. Sun et al. [11] indicated
moderate grain growth from an average grain size of 100 nm to 200nm after irradiation to 80 dpa
at 500°C in the UFG 304L. The observed reduced swelling rate, reproduced in Figure 2-10, is
attributed to the increase density of sink sites which reduce total vacancy concentration and
subsequent nucleation and growth of voids.
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Figure 2-10: Void swelling observed by Sun et al. [11] in coarse grain (blue line) and
ultrafine grain (red line) under heavy ion irradiation to ~80 dpa at 500C. Comparison of
304L neutron irradiation in a fast neutron reactor provided also for comparison (yellow
line).

The experimental studies above indicate a clear trend towards enhanced radiation
tolerance in the sense of a reduced defect size and density for either voids or dislocations.
Molecular dynamic studies have provided further insight into the mechanism of enhanced
radiation tolerance in the nanocrystalline grain size regime. For example, a number of studies by
Samaras et al. [12,89,90] in both nanocrystalline Ni and Fe indicate that interstitials preferential
migrate to tensile stress regions along the GBs after cascade events as shown in Figure 2-11. The
migration of the interstitials ultimately led to them being absorbed by the excess free volume in
the GB structure. Bai et al. [91] also illustrate a possible mechanism related to the unloading of
interstitials from the GB to annihilate vacancies in the grain interior. They type of process would
have a more important role with a reduction in grain size and subsequent increase in GB density.
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Figure 2-11: MD simulation in nanocrystalline Ni with a 12 nm grain size from Samaras et
al. [12] which indicates how GBs act as preferential sinks for interstitials. The interstitials
are accommodated in the regions of high free volume along the GB.

More recent models indicate the importance of point defect and point defect clusters during the
absorption inside the GB. Dunn et al. [92] indicates that the point defect binding energy to GB and
point defect migration inside GBs play a critical role in determining sink efficiency. Furthermore,
they allude that these parameters are sensitive to grain boundary character and a function of the
defect density. In similar fashion, Uberuaga et al. [93] indicates that GB structure can change over
long term irradiation and that sink efficiency is a dynamic term depending upon the irradiation
dose. They also indicate that the sink efficiency of point defects and small point defect clusters is
limited by mobility kinetics within the GB structure.
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CHAPTER 3: Mechanism of Twin-related Grain Boundary Evolution

Abstract: Grain boundary engineering of Fe based austenitic stainless steels and other materials
has been successful in producing a large increase in twin and twin related grain boundaries from a
wide range of thermomechanical treatments. However, the exact mechanisms and
microstructural evolution to create the heavily twinned microstructures are yet to be fully
confirmed. In this study, we provide insight into the grain boundary engineering process by
examining sequential progression of the same spatial location of a twin related microstructure
through thermomechanical processing. The results show that clusters of twin related grain
boundaries called twin related domains (TRDs) likely form during primary recrystallization. The
size of the TRD is dependent upon the level of strain where increased sizes are observed as the
strain approaches the critical strain cutoff for primary recrystallization. It is postulated that the
ability of the strain free TRDs to grow to large sizes without impinging on other growing TRD
nuclei is the critical criteria for the formation of abnormally large spatial TRDs that contain
complex network of inter-related twin and twin related GBs. In addition, growth of the twin
related domains into the deformed matrix results in the formation of twin boundaries behind the
migrating grain boundary front. Formation of higher order twin boundaries (e.g. Σ3n, n>1) occurs
when two separate grain boundary fronts of the same twin related domain impinge upon each
other.
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3.1. Introduction:
Materials traditionally chosen for their desirable combination of mechanical properties
and corrosion resistance in extreme environments, such as Fe-based stainless steels or Ni-based
alloys, can fail or corrode in a catastrophic manner along grain boundaries (GB). Research over
the past two decades have attempted to limit such GB dependent failure by controlling and
optimizing the GB character distribution through grain boundary engineering (GBE) [94,39,37].
GBE has been shown to provide improvements in resistance to intergranular stress corrosion
cracking [95,96,15,97], intergranular corrosion [98,38,99], hydrogen embrittlement [25], and
weld decay [100]. Historically, GBE thermomechanical processing (TMP) has been associated
with the empirical increase in particular GB network microstructural descriptors including
increases in specific low-coincidence site lattice grain boundaries such as Σ3 twin and Σ3n (n>1)
related GBs. However, details regarding the actual twin evolution mechanisms and formation of
how these heavily twinned microstructures form are still largely unknown.
A number of different mechanisms have been explored to understand the formation of
heavily twinned GB networks. In part, the various different mechanisms could be due to the wide
number of alloys, alloy compositions, TMP routes, and pre-existing microstructural anisotropy
that all can create different optimized processing routes generalized under GBE. For example,
the level of deformation in 304 or 316 type stainless steels can range from a low strain anneal
processes with ε = ~5 to 10% or higher strain processes typically ε= ~20 to 30% with either single
or multiple pass iteration TMP steps with temperature ranges reported from 900°C to 1200°C
[39]. A number of mechanisms have been described including low strain induced boundary
migration followed by twin boundary formation during grain growth [38], Σ3 regeneration model
of Randle [39], and decomposition and dissociation of immobile boundaries during annealing
[40] to describe the mechanisms of twin evolution during GBE.

30
Another GB network descriptor to evaluate heavily twinned microstructures is by the use
of twin related grain clusters or twin related domains (TRDs). Reed et al. [42,43] and others
[44,45] describe a TRD as a large cluster of spatially adjacent twin-related grains. In a similar
fashion, Gertsman et al. [46] and others [47–50] defines a twin grain cluster as a region of a
microstructure in which all of the GBs within a given cluster of grains are described by a Σ3n
misorientation. Liu et al. [50,51] and Xia et al. [52] have highlighted that low strain deformation
in Alloy 690 with recrystallization type annealing steps produced microstructure with large twin
related grain clusters, hereafter called TRDs, that formed from a single nucleus. In particular, Liu
[50] indicates the underlying GBE mechanism in Alloy 690 that occurs during low deformation
TMP is a recrystallization process where TRDs grow by consuming the adjacent deformed matrix
regions.
In this study, we provide direct evidence on the mechanism and formation of heavily
twinned microstructures in 316L stainless steel. This is accomplished by iterative, partial
annealing, steps on the same spatial location from the as-deformed condition through to the GBE
condition. A proposed mechanism of low strain GBE processing with supporting evidence is
presented. Low levels of deformation strain, caused by light rolling, near the critical strain
threshold for primary recrystallization create spatially large TRDs upon high temperature
annealing. As the prior deformation strain is reduced, the density of successful recrystallization
nucleation events goes down, producing abnormally large grain size and subsequently large
TRDs as the deformation strain falls to the critical value for primary recrystallization. As the new
recrystallization nuclei are able to grow to very large sizes, during the TRD growth, multiple
twinning occurs at the migrating recrystallization front, creating complex network of twin and
twin related GBs. In addition, the sequential annealing steps provides the direct opportunity to
observed how twin boundaries and twin related GBs can form behind the migrating
recrystallization fronts. The formation of higher order twin boundaries are experimentally shown
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to form when two separate parts of a growing TRD imping upon one another, creating
geometrically twin related, higher order boundaries. Overall, the study provides an improved
perspective on the mechanism of GBE under low strain regimes and the formation of twin and
twin related GBs during recrystallization phenomena.

3.2. Experimental:
The material used was a 316L austenitic stainless obtained in the mill-annealed state with
the chemical composition given in Table 3-1. As-received specimens were cut to a nominal
thickness of 10 mm and further homogenized for 60 minutes at 1050°C in a box furnace and
water quenched (WQ). Hereafter, this condition is called the solution anneal (SA). A light
rolling and high temperature annealing TMP was used to obtain the GBE condition. The
procedure consisted of a 5% rolling reduction followed by annealing in an air furnace for 120
minutes at 1015°C from the SA condition. A medium deformation strain and rolling reduction
was also completed to compare against the low strain, light rolling, GBE condition. The higher
strain TMP microstructure condition consisted of a 15% rolling reduction followed by a 120
minute anneal at 1015˚C from the SA condition. Since the strain will vary from surface to midplane of the 10 mm thick samples due to both friction and additional shear strains on the rolled
surfaces, care was taken to observe all samples approximately 0.5 mm to 1 mm from the rolled
surface to create a consistent level of deformation strain during the experiments. Table 3-2
provides an overview of the three TMP conditions examined in the study.

Table 3-1: Nominal bulk composition of 316L in weight %
316L

Fe

C

Cr

Ni

Mo

Wt.% Bal. 0.023 17.54 14.68 2.79

Mn

Si

P

S

N

1.98

0.33

0.015 <0.001 0.071
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Table 3-2: Overview of the experimental conditions and thermomechanical processing routes of
the three conditions: SA, 5% rolled TMP, and 15% rolled TMP.
Condition/Terminology:

Thermomechanical Processing routes:

Solution anneal (SA)

90 min at 1050°C, WQ

Low strain: 5% rolled TMP (GBE)

SA + 5% rolling reduction, 120 min at 1015°C, WQ

Medium strain: 15% rolled TMP

SA + 15% rolling reduction, 120 min at 1015°C, WQ

In order to develop insight into the low strain and medium strain TMPs described above,
sequential annealing steps were also used to study the microstructural evolution at intermediate
annealing stages. A custom high temperature vacuum furnace (10-5 torr) was used to complete
site-specific anneal sequences on the 5% rolled and 15% rolled samples. Surface fiducial marks
and sequential electron backscatter diffraction (EBSD) using a FEI XL-30 SEM with TSL OIM®
system was used to track large regions of the same microstructure during intermediate annealing
steps: 0, 80, and 100 minutes of total annealing times. EBSD was completed on the same surface
without any further polishing or surface modifications at each of these intermediate conditions.
The sequential vacuum annealing allowed for direct comparison and tracking of the same
microstructure as-deformed and during the GBE microstructure evolution.
The twin microstructure was characterized by the GB length and number population of
twin and twin variant GBs (Σ3n). Twin density, the twin length per unit area, was calculated
following the route described in Jin et al. [101,102]:
Twin density =

𝐿𝐿𝑡𝑡𝑡𝑡 2
𝑆𝑆𝑆𝑆

(Eq. 3-1)

where 𝐿𝐿𝑡𝑡𝑡𝑡 is the unit length of twin boundaries for the overall area S. The twin boundary unit
length was considered for all GBs determined to be Σ3 by the Brandon criteria [24] including

both coherent and incoherent segments. The classification and distribution of triple junction

33
types were determined by the type of GBs at the triple junction following the methods described
in Rohrer et al. [103] and Randle et al. [41] using a total map area of at least 3mm2. The types of
GB at a triple junction were classified as random (R), Σ3, Σ9, or Σ27. TRDs, spatially localized
clusters of twin related GBs, were examined following the procedure of Reed et al. [42,43]. In
this case, neighboring grains with a Σ3 or Σ3n relationship with a maximum 2° disorientation from
the ideal Σ misorientation are considered part of the same TRD. The TRD can be represented by
a graphical map of the twin boundary linkage. Here, a twinning tree is used following work of
Reed et al. [42] and Cayron [44]. The twinning tree provides a representation of each distinct
orientation in the TRD as a single node. The nodes are linked by a Σ3 twin relationship.
3.3. Results:
3.3.1. Grain boundary character distribution:
The GB character distribution, denoted by the length fraction of Σ3 and Σ9+27 GBs, for
the SA, 5% rolled TMP, and 15% rolled conditions are shown in Figure 3-1a. The large increase
seen in Σ3 and Σ9+Σ27 length fractions of the 5% rolled TMP in comparison to both the 15%
rolled TMP and SA conditions is characteristic of a GBE condition. The evolution of twin
density as a function of grain size is also highlighted in Figure 3-1a for the three conditions.
Here, twin density decreases with increasing grain size despite the increase in length fraction of
Σ3n type boundaries between the SA, 5% rolled TMP, and 15% rolled TMP conditions. In
addition to the length fraction of GB type, the distribution of triple junction types can provide
insight into the connectivity of the GB network. Figure 3-1b provides the overall triple junction
type distribution where Jx (x = 0 to 3) indicates the number of Σ3n (n=1 to 3) boundaries at a triple
junction for the three conditions: solution anneal, 5% rolled TMP, and 15% rolled TMP. The 5%
rolled TMP has the highest fraction of J2 and J3 triple junction types; this is an indication a high
degree of connected Σ3n type GBs into the GB network. Conversely, the 15% rolled TMP
condition has a lower fraction of J2 and J3 type triple junctions as compared to the 5% rolled TMP
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condition while the SA condition has a GB network comprised of primarily random GBs: J0 and
J1 type TJs.

Figure 3-1: A) Twin related length fraction and twin density (mm-1) as a function of grain
size for solution anneal, 15% rolled TMP, and GBE (green); B) Overview of triple junction
type distribution, Jx (x=0-33), where x indicates the number of Σ3n (n=1-3) type GBs in the
triple junction.

Figure 3-2 demonstrates the inverse pole figure colored orientation map (Fig. 3-2A
through Fig. 3-2D) and grain orientation spread (GOS) maps (Fig. 2E through Fig. 2H) for the asdeformed and recrystallized microstructure for the 5% and 15% rolled TMP condition in the RD
X TD plane. The GOS maps for the as-rolled conditions indicate a higher in grain rotation from 4
to 7° for the 15% rolled condition and from 1 to 3° for the 5% rolled condition. After annealing
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for the complete 120 minutes at 1015°C, both conditions have a fully recrystallized
microstructure as indicated by the GOS levels below 1° [104].

Figure 3-2: Inverse pole figure colored EBSD maps normal to the ND plane (top) and grain
orientation spread maps (bottom) for the following conditions: as-deformed 5% as-rolled (A
and E), annealed 5% rolled TMP (B and F), 15% as-rolled (C and G), and annealed 15%
rolled TMP (D and H).

3.3.2 Twin related domain characterization:
TRDs or clusters of twin related GBs provide a larger scale microstructural descriptor of
the evolution of heavily twinned microstructures. The characterization of TRDs by number of
distinct orientations can provide a depiction of the GB network in comparison to singular
microstructural descriptors such as GB type length or number fraction and triple junction type.
Representative TRDs for the three sample conditions: solution anneal, 5% rolled TMP, and 15%
rolled TMP are shown in Figure 3-3. Figure 3-3 indicates the large difference in overall TRD
size and number of distinct orientations for the three conditions. Figure 3-3a and 3-3b
demonstrate a representative TRD and twinning tree with three distinct orientations for the SA
condition. Figure 3-3c and 3-3d show the TRD and twinning tree with 45 distinct orientations for
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the 5% rolled TMP condition while Figure 3-3e and 3-3f indicate 7 distinct orientations in the
15% rolled TMP condition. . The ratio of the TRD size to pre-existing solution anneal grain size
(67µm), twin excluded, can provide an important parameter in determining the growth of large
TRDs and subsequently microstructures consistent with GBE. In the solution anneal condition,
the ratio of TRD size to grain size is approximately 1. In the case of the 5% rolled TMP
condition, the average TRD size is >600 µm. While statistically analysis of TRD size was
beyond the scope of the study, the TRDs examined spanned from 400 µm to > 1mm. Therefore,
the estimated ratio of TRD size to pre-existing grain size is approximately 9. Microstructures
characterized with this large ratio of TRD size to pre-existing grain size provide contain a high
density of twin related GBs in complex, large TRDs consistent with GBE.

Figure 3-3: TRD and twin tree for 5% Rolled TMP (A,B), TRD and twin tree for 15%
Rolled TMP (C,D), and TRD and twin tree for) solution anneal (E,F).

The TRD for the SA condition has simple annealing twinning which is characteristic of a
typical annealed austenitic stainless steel. In the SA condition, twins do not directly interact with
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the overall GB network which is composed of the random GBs. This was further highlighted by
triple junction type distribution where 90% of triple junctions containing either two or three
random, non-twinned related GB as shown in Figure 3-1b. In the context of TRDs, these random
GBs are located along the exterior the TRDs: GBs in which two adjacent TRDs meet. The low
strain, 5% rolled TMP illustrates a typical TRD seen in a GBE microstructure. The large number
of orientations, 45, in the TRD illustrates the size in comparison to the SA or the medium strain,
15% rolled TMP condition. Multiple twinning events have occurred inside of the TRD as there is
a large number fraction of Σ9, Σ27, and higher order twin GBs (Σ3n, n>3). The low strain TMP
also indicates that orientations can occur in multiple locations within the same TRD. The 15%
rolled TMP condition has a smaller overall TRD size with 7 distinct orientations while the SA is
smallest with 3 distinct orientations.
3.3.3 Twin related domain microstructural evolution:
The difference in the level of deformation between the low strain condition and medium
strain condition was sufficient to create two vastly different microstructures in terms of GB
character distribution post annealing at 1015°C for 2 hours. The light rolling sample provided a
classic GBE type microstructure as observed with an overall increase in the Σ3n (n≥1) type GBs,
increase in triple junction types containing two or three Σ3n (n≥1) type GBs, large grain size
increase, and large increase in TRD size as compared to the 15% rolling reduction higher strain
condition. The difference in GB character distribution between these two TMP conditions lies in
the evolution of the TRDs post deformation. Figure 3-4 outlines a proposes a qualitative
mechanism for the formation of both spatially large and small TRDs based on the prior level of
strain before annealing in the high temperature regime (T/Tm = 0.65-0.75). The formation of
large spatial TRDs is compatible with primary recrystallization near the critical strain value for
recrystallization as show in sequence of images of Figure 3-4A. The low prior strain in the
system reduces the number density of nucleation sites. Therefore, only a select number of new

38
grains can form and as they grow, becoming large, heavily twinned TRDs. The TRDs are shown
to grow until impingement on other newly recrystallized strain free TRDs. In the case of
moderate to high strain, Figure 3-4B, the strain values are sufficiently high to have a high density
of nucleation events. These new strain free TRDs grow under classic primary recrystallization
behavior until all the prior strained regions are consumed. Experimentally, using the sequential,
partial annealing steps, it is shown that low strain rolling creates spatially large TRDs consistent
with GBE. During the TRD growth, examples of twinning occurring at the interface of the
migrating TRD and deformed matrix are examined below.

Figure 3-4: Schematic evolution of the TRD evolution in (A) 5% rolled condition and (B)
15% rolled condition which is proposed to be heavily dependent upon prior strain level.
The sequence of images from top to bottom illustrate a time path for the recrystallization
and TRD growth for both conditions (no delineation is given to actual recrystallization
time)
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Figure 3-5 shows the evolution of the low strain, 5% rolled TMP in the same spatial
location in the as-deformed, 80 total minute anneal at 1015°C, and 100 total minute anneal at
1015°C conditions. In Figure 3-5, TRDs that recrystallized from the deformed matrix regions are
shaded a single unique color and overlaid on the inverse pole figure colored maps. The unique
TRD color has no distinction with the IPF colored background of the deformed matrix region.
The deformed matrix, regions which have not been consumed by growing TRDs are still evident
after 80 and 100 minutes of annealing. The deformed matrix was confirmed by comparing the
orientations from the same spatial region of the as-rolled condition, Figure 3-5a. In order to focus
on specific mechanisms of the GBE process, the evolution of one TRD, shaded blue, in Figure 35 is emphasized, hereafter called “TRD D”. TRD D has 45 distinct orientations after 80 minutes
of annealing while this increases to 55 distinct orientations after 100 minutes of annealing. It is
clear that TRD D has grown between 80 and 100 minutes at the expense of the adjacent nonrecrystallized, lightly deformed matrix as shown in the top half of Figure 5C.

Figure 3-5: Overview of the abnormal twin related domain grain growth process where (A)
is the 5% rolling reduction deformed state, (B) is after 80 minute annealing time, and (C) is
after 100 minute annealing time. The various TRDs that have grown from the deformed
matrix as shaded colors overlaid on the IPF map in (B) and (C). A large TRD, shaded blue,
is shown to grow significantly between the 80 and 100 minute intermediate annealing steps.
A second large TRD, shaded red, is shown to grow and impinges the blue TRD. This
illustrates the impingement of two new large TRDs which gives random GBs between the
red and blue colored TRDs.
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The intermediate annealing steps of 80 and 100 minutes in the low strain condition
indicate the TRD growth process is non-uniform. The TRD migrates into specific regions of the
deformed matrix while other interfaces show stagnate growth. Figure 3-6 highlights such a case
where TRD boundary migration into the adjacent deformed regions is non-uniform. In Figure 36a, grains D11 and D112 within the TRD grow in three primary directions as indicated by the
arrows. The primary region of the TRD migration is in the direction of the left arrow of the D11.
As the TRD growth continues, multiple new orientations are added, continued twinning reactions
occur at the interface between the TRD and deformed matrix. In particular, 10 new orientations
are added to the TRD in this region of interest during the growth between 80 and 100 minutes as
shown in the twinning tree in Figure 3-6c. In contrast, the growth into the deformed matrix can
also stagnate. For example, D111 does not grow into the deformed matrix as indicated in Figure
3-6 even though a positive grain curvature exists with respect to the adjacent deformed grain.

Figure 3-6: Overview of the TRD abnormal grain growth process in which the TRD grows
into the deformed matrix between the (A) 80 minute and (B) 100 minute intermediate
annealing steps. The interface between the TRD and deformed matrix is indicated by a
dash line while arrows indicate the generalized direction of the TRD migration and a region
of stagnate growth in (A). The new orientations (red text) formed during TRD migration in
shown in the twinning tree in (C).
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Figure 3-7: Migration of existing TRD between 80 minute (A) and 100 minute (B)
intermediate steps where dash line indicates the interface between the existing TRD and the
deformed matrix; (C) schematic of the formation of annealing twin boundary during
migration of TRD front and formation of Σ9 GB. Figure B inset illustrates the {111} plane
trace for the migrating grain “D”. The dashed line indicates the TRD/deformed matrix
interface.

The growth of the large TRD into the deformed matrix provides the opportunity to
examine the formation of higher order twin boundaries during GB migration. At the interface of
the TRD and the deformed matrix, boundary migration can lead to the formation of new
annealing twin boundaries as shown in Figure 3-7. Here, orientation D has twinned into
orientation D4 between the 80 and 100 minute annealing steps. The TRD continues to grow in
the direction of the arrows in Figure 3-7 and subsequently D4 and D1 consume the adjacent
deformed matrix. The continued growth of the TRD results in the formation of a Σ9 GB between
adjacent D1 and D4 grains. Figure 3-7c provides an illustration of how the Σ9 GB likely formed
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during the TRD migration. It is also shown that the direction of migration could play an
important role in determining which twins form during boundary migration. In the case of
orientation D, it is shown that one of the four {111} plane traces is perpendicular to the direction
of the GB migration. As orientation D grows in the direction of the deformed matrix aligned
normal to one of the four {111} plane traces of orientation D, it twins to orientation D4. It is
viable to assume that this twinning event between D and D4 could be due to a growth accident
and stacking error on a {111} plane during this GB migration.
The direct evidence of the formation of higher order twin boundaries can also be shown
from the growth of TRD from the intermediate 80 and 100 minute annealing steps. Figure 3-8
displays the migration of TRD D into the adjacent deformed matrix from grain D11 to D113 to
D1132 as indicated by the arrow direction. The TRD boundary migration continues until
reaching a separate part of the same TRD (grains labeled D and D1). The migrating segment of
the TRD grows until it reaches a separate part of the same pre-existing TRD. The resultant
geometric GB relationship between the migrating D1132 and stagnate D and D1 must therefore
be twin related. The twinning tree (Figure 3-8B inset) in Σ3n space indicates that the D-D1132
relationship must be a Σ81 twin relationship (37.4° [1 3 5], Σ81c) while the D1-D1132
relationship must be a Σ27 relationship (31.5° [1 0 1], Σ27a). The above scenario highlights how
TRD migration and subsequent impingement on a separate stagnate growth region can lead to the
formation of higher order twin GBs.
In addition to the above mentioned examples of TRD growth that are observed on the
cross-section surface, growth can occurs below the cross-sectional surface. One example of TRD
growth occurring below the sample surface is shown in Figure 3-9. Here, Figure 3-9a shows the
80 minute annealed condition where there appears to a region of stagnate growth (indicated by
arrow) near grain D’1. After the 100 minute anneal condition, shown in Figure 3-9b, the overall
TRD has grown into the adjacent deformed matrix. This TRD growth is indicated by the growth
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of the grains identified as D’1 and D’13. However, it is also apparent that the previous stagnated
GB at the 80 minuted annealed condition, marked by the arrow, has not changed location.
Therefore, it is assumed that the TRD grew from below the sample surface and impinged the
previous stagnated region of TRD growth on the surface. The GB at this interface must then
become a Σ3 relationship as the grains D’13 and D’1 have a geometric twin relationship. In this
specific case, the formation of the Σ3 GB is not formed from a migrating GB during TRD grain
growth but from impingement of a growing section of TRD D with a stagnant region of the same
TRD.

Figure 3-8: Overview of the mechanism of TRD migration to form Σ27 and Σ81 GBs
between the 80 minute (A) and 100 minute (B) intermediate steps where arrows indicate the
start and end migration of the region of interest in the TRD. The dashed line indicates the
TRD/deformed matrix interface
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Figure 3-9: Observation of growth of TRD D underneath surface between 80 minute (A)
and 100 minutes (B) anneal steps to form twin boundary at region of stagnant growth
region indicated by black arrow at the grain D’1.

3.4. Discussion:
3.4.1 Proposed twin related domain growth mechanisms:
The observation that low strain deformation followed by high temperature annealing
creates heavily twinned microstructures is consistent with a number of previous GBE type studies
[39,38,47,50,52,105]. The potential and unified mechanism for all the observed GBE
microstructure however remains elusive. The low strain and high temperature anneal provides
the potential for multiple drive pressures to co-exist. There is a reduction in overall GB energy
associated with grain growth during the TRD coarsening and reduction in stored energy from the
removal of the low level of prior deformation strain. It is clear however that the process be
categorized as a Gibbs Type 1 transformation with a heterogeneous level of partially new strain
free regions in the TRDs and the untransformed strained matrix. While both abnormal grain
growth and primary recrystallization fall under the same category of Gibbs Type 1
transformations, the most plausible explanation is that the 5% rolling reduction and high
temperature (.7 Tm/T) annealing observed here be considered primary recrystallization. Figure 3-
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4 indicates the proposed mechanism where under the 5% rolling reduction (von Mise equivalent
strain of 0.059) primary recrystallization can still occur at this annealing temperature. As the
level of prior deformation is reduced, the density of successful recrystallization nucleation events
goes down as shown schematically. Therefore, as the strain from cold rolling approaches the
critical value for primary recrystallization in 316L, the overall grain size and subsequently the
overall TRD size will increase as only a select number of nuclei grow without being impinged or
arrested. The 15% rolling reduction provides the counter scenario. Here, a moderate level of
deformation induces a higher density of successful nuclei. As show in Figure 3-4B, the new
strain free TRDs grow but are limited in size due to impingement of other growing TRDs. The
ability of the strain free TRDs to grow to large sizes without impinging on other growing TRD
nuclei is the critical criteria for the formation of abnormally large spatial TRDs that contain
complex network of inter-related twin and twin related GBs.
The critical factor for the formation of large TRDs as described above is the ability to
minimize but not completely remove the number of successful recrystallization nuclei. It is
assumed in these low to moderate deformation conditions in single phase fcc alloys that the
primary recrystallization mechanism for critical nucleation radius (rc) of a dislocation free cell or
subgrain is strain induced boundary migration (SIBM) [106]. The critical radius for
recrystallization nucleus is given by Eq. 3-2. where γ is the GB energy and G(t) is the stored
energy in the system which is dependent upon time (t) [107].
𝑟𝑟𝑐𝑐 (𝑡𝑡) =

2𝛾𝛾
𝐺𝐺 (𝑡𝑡)

Eq. 3-2

Zurob et al. [107] provides the quantitative prediction for the critical strain level required for the
radius to reach the critical size for SIBM nucleation. The critical prior deformation strain is
related to the localized stored energy in the system which is subsequently related to the subboundary size and growth. The rate of subgrain growth (v) is given as v(t) = MG(t) where M is
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the mobility of the sub-boundary. Ultimately, the nucleation of a critical nuclei for
recrystallization is dependent upon the stored energy of the system through the level of prior
strain, recovery kinetics, and boundary mobility. Therefore, the critical strain from prior
deformation can be determined for an average sub-boundary mobility in the system as a function
of time. Zurob et. al [107] provides measured and experimentally calculated critical strain for
recrystallization levels for in fcc Cu as function of annealing temperature and initial grain size.
The annealing temperature is correlated into the mobility (M). For initial grain sizes of 250 µm
and 100 µm in Copper with annealing temperatures of 0.6 T/Tm, the measured and calculated
critical strain was between 3.6 and 2.6%. While the above study examines a model fcc Cu
system, the trends support the proposed mechanism of primary recrystallization in this study
where the annealing temperature is approximately ~ 0.7 T/Tm and strain level was ~ 5.9%.
In evaluating the critical radius for recrystallization nuclei by SIBM, the local GB
mobility can have an important role. GB mobility has been shown to be highly anisotropic with
the GB nature [108,109,28] with thermally activated GB mobility observed in a high percentage
of GBs [28]. Recent studies [109,110] indicate there are a significant number of GBs that follow
more complex mobility trends including anti-thermal mobile GBs and dynamic roughening
transition GBs which could play a significant role in the determining the frequency of
recrystallization nucleation events during SIBM. For example, localized GB regions with
abnormally high mobility should result in reaching the critical radius for nucleation quickest. In
addition, local variation in strain, associated with anisotropic stored energy would provide
particular sites with higher localized dislocation density. These sites would provide a large G(t)
and subsequent the critical radius for nucleation would be reached in a shorter incubation time
period.
While discussed in the context of abnormal grain growth, Koo et. al [111] indicated that
low levels of deformation (2-4%) can promote and reduce the incubation time for abnormal grain
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growth to occur in coarse grain pure Cu. Here, the low level deformation was assumed to cause a
distortion of the GBs by extrinsic dislocations, activating rapid grain growth of select GBs.
However, given the annealing temperature of 800°C (~T/Tm = 0.73) and initial grains size (168
µm), it is plausible to assume that could be considered a primary recrystallization event near the
critical strain for recrystallization as described in the physical based model of critical strain
present by Zurob et al. [107].
Figure 3-10 provides further evidence for the mechanism of primary recrystallization
during low strain GBE by examining the intermediate annealing step of 30 minutes. In this case,
the sample was not examined in sequential steps as completed in the Results Section 3.2 above.
The growth of only a single TRD is observed over the length span of the ~1.3 mm2 EBSD map.
Figure 3-10B shows the GOS map while Figure 10C shows the average GOS values from the
newly developed TRD and deformed matrix. The single large TRD shows no observable high
GOS region and indicates a effectively strain free microstructure. If the process of TRD growth
followed an abnormal grain growth type process, it could be expected that the initial nucleation
abnormal grain would have an interior of higher GOS. This is not observed which is further
supporting evidence for the mechanism of near critical strain primary recrystallization. However,
further experimental details are needed as it is feasible that either the strained parent grain of the
TRD is underneath the surface or potentially the TRD consumed the strained parent grain upon
annealing. Recently, Miller et al. [112] has also examined the mechanisms of the development of
abnormally large grains in nickel based Rene 88DT and also note the potential discrepancy
between the classification of abnormal grain growth and primary recrystallization under low
levels of prior deformation. The observed abnormally large grains in their study are likely the
same observed large clusters of twin boundaries we call TRDs. They conclude, in similar fashion
to the results presented here, that the process likely follows a nucleation-limited recrystallization
event. While the primary recrystallization mechanism is the most favored conclusion, an
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abnormal grain growth processes cannot be completely ruled out since conclusive evidence is not
observed of the actual SIBM process. SEM or TEM based in-situ heating coupled with
orientation mapping could provide the most direct evidence for the formation of SIBM and
subsequent growth of large scale TRDs after low levels of prior strain near the critical strain
level. Wang et al. [113,114] has provided indicates of both SIBM and nucleation of twin
boundaries using TEM orientation mapping after SIBM in pure Ni with rolling reductions
between 40 and 80% but did not explore lower deformation strains.

Figure 3-10: (A) IPF colored map and (B) GOS colored map showing the evolution of the
5% rolled condition at 30 minutes of annealing time. The blue GOS grains indicate one that
only a single TRD has grown (outlined with dash line). (C) Representative GOS number
fraction for the recrystallized region and non-recrystallized deformed region shown

3.4.2 Formation of Σ3 annealing twins and related grain boundaries:
The observed growth of the TRD during the intermediate 80 and 100 minute TMP
annealing steps clearly indicate possible mechanisms for the formation of both twin boundaries
and twin related Σ3n (n>1) boundaries. For example, during TRD migration shown in Figure 3-7,
formation of both a new twin boundary (between orientations D and D4) and Σ9 GB (between
grains D4 and D1) are shown to form on the migrating GB front. The formation of the twin
boundary during the migration of the TRD boundary front likely follows a growth accident model
[115,5,116] where as the model states during the migration of a GB, a twin boundary can form
due to a stacking sequence error in the {111} plane. Consistent with recent work of Wang et al.
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[113], there is a correlation between the TRD GB growth direction and formation of particular
twin orientations. It appears to operate both during early stage recrystallization in heavily
deformed conditions operating such as in Wang et al. [113] and under low strain conditions
observed in this study. As highlighted in Figure 3-7, when the migrating GB front is normal to
one of the four {111} plane trace normal, the twin boundary that appears is aligned to the
particular {111} plane parallel to the growth direction. As discussed by Wang et al. [113], this is
consistent with the proposed mechanisms of the growth accident model of Gleiter [5].
The correlation between the growth direction and creation of a particular twin
orientations provides further evidence of the TRD formation mechanism. If the TRD migration
exists in multiple directions such as shown in the TRD growth schematic of Figure 3-11, it is
possible for all four of the twin planes of a parent or original orientation to form during favorable
growth directions. Figure 3-11 schematic indicates that multiple twins are activated during the
TRD recrystallization and growth event. During continued migration of the TRD, the new
twinned orientations can subsequent twin on three new {111} planes or twin back to the original
orientation. In similar manner, Jin et al. [39] has shown that in more tortuous GB
recrystallization fronts, there is a higher probability to find portions that are parallel to a {111}
plane. The high tortuosity is associated with a high degree or number of convex segments on the
migrating recrystallization front. Subsequently, twinning probability along these in these
locations increases. Ultimately, multiple twinning is observed to operate during large scale (>100
µm) abnormal grain growth which has led to the complex, heavily twinned microstructures
observed in this study associated with GBE.
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Figure 3-11: A) An initial microstructure undergoes recrystallization after low strain where
all grains have small deformation from light rolling; B) Nucleated recrystallized grain
(Parent orientation T) can twin on four {111} planes; C) Twinned orientations (i.e. T.1) can
also twin (T.1.1 or T.1.2) during continued grain growth, creating large spatial size, heavily
complex twin related domain/clusters. Coarsening of the TRD will continue until consumed
low strain (ε = ~ 0.05) grains are removed

3.4.3 Twin density evolution during grain boundary engineering:

Previously literature suggest that the development of twin boundaries is minimal during
grain growth in comparison to recrystallization [101,119]. The previous observations
demonstration that during recrystallization in which the driving force/pressure associated with
removal of stored energy is great, increased GB velocity promotes the likelihood of twin
formation during boundary migration. Subsequently, during grain growth processes, with
reduced driving force, the twin density decreases. In this study, new twin boundaries are readily
formed during the TRD evolution from as-deformed condition through the full 120 minute anneal
state. The observation of the increase in twin boundaries is illustrated via the increase in Σ3 twin
length fraction shown in Figure 3-1a. Interestingly, although it is apparent that a high rate of new
twin boundaries are formed during the TRD evolution associated with the GBE condition, the
overall twin density decreases during the GBE process in comparison to the solution anneal state
as presented in Figure 3-1b. The observed decrease in twin density is associated with the increase
in grain diameter and is consistent with previous reports [101,102,116,120,121]. However, twin
density measurements (Eq.3-1) above are not normalized for grain diameter and/or TRD size and
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do not adequately assist in describing the formation of heavily twinned microstructures during
low strain and high temperature annealing GBE.
3.5. Conclusions:
The objective of this work was to provide detailed and quantifiable analysis of the
mechanisms of twin boundary and twin related GB evolution during GBE type processing routes.
Through sequential intermediate annealing steps and characterization of the GB network through
microstructural descriptors such as TRD quantification, Σ3 length fractions, and twin density, the
key findings from the study include:
•

In the low strain condition, 5% rolled TMP, it is proposed that the level of strain is near
the critical level of recrystallization. Therefore, only a small number of new
recrystallization nuclei form and grow. Since the density of new nuclei is low, the new
recrystallized TRDs can grow to abnormally large sizes in excess of 500 µm while
consuming the adjacent deformed matrix. In contrast, the 15% rolled TMP, condition
creates a sufficiently high number of new recrystallized nuclei and subsequently not grow
the size observed in the low strain condition.

•

During the coarsening of the TRDs at the expense of the deformed matrix, twinning is
observed behind the migrating GB front. Preference is observed to the formation of
particular twins where the migration front is parallel to a particular {111} plane.

•

The formation of higher order GBs is directly observed where two separate sections of
the same TRD migration front meet, resulting in higher order twin related GBs.

•

While the overall twin density is seen to decrease during in the GBE condition, in part
associated with the increase in both the TRD size and grain size, multiple new twinning
events do occur during the TRD recrystallization process. The observed increases in the
Σ3 and Σ3n (n>1) length fractions in the 5% rolling reduction sample is consistent with
the large literature of GBE processing in austenitic stainless steels.
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CHAPTER 4: Grain boundary character and connectivity dependent corrosion in a
grain boundary engineered 316L alloy
Abstract: Tailoring the grain boundary network is desired to improve grain boundary dependent
phenomena such as intergranular corrosion. An important grain boundary network descriptor in
heavily twinned microstructures is the twin-related domain, a cluster of twin-related grains. We
indicate the advantages of using twin-related domain analysis to provide insights into how a grain
boundary network responds to intergranular corrosion in grain boundary engineered 316L
stainless steel. The results highlight that intergranular corrosion is typically arrested inside twinrelated domains at coherent twins or low angle grain boundaries. However, particular scenarios
exist where intergranular corrosion propagation can exist through higher order twin-related
boundaries.
*Note of co-authorship of experimental results presented in this chapter: Double loopelectrochemical potentiokinetic reactivation experiments were completed in collaboration with
Sebastian Thomas and Nick Biribils at the University of Monash, Australia.
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4.1. Introduction:
316L austenitic stainless steel is a critical structural alloy used in both current light water
and for planned next generation reactors such as sodium-cooled, gas-cooled, and supercriticalwater-cooled reactor designs [2,122]. The alloy can however become susceptible to intergranular
based failure or degradation mechanisms such as intergranular corrosion (IGC). Therefore, it has
long been desired to control or tailor the distribution and structure of grain boundaries (GBs) to
improve the alloy’s resistance in these particularly extreme environments which can including
weld heat affected zones and high temperature corrosion and irradiation environments. The field
of grain boundary engineering (GBE) [39–41,98,123–125] has attempted to minimize such GB
dependent failure by controlling and optimizing the GB character distribution. Previous studies
have shown GBE to be a successful method in mitigating deleterious effects such as intergranular
stress corrosion cracking [96], IGC [38,98,126], hydrogen embrittlement [25], and grain growth
[127].
GBE has been associated with the increase in specific coincidence site lattice (CSL) GBs,
which are considered “special” boundaries [39]. Early research within the field of GBE
described some or all low Σ CSL GBs as special. It is apparent, however, that low Σ CSL
boundaries cannot independently describe low energy or special GB properties. The full GB
character distribution, including GB plane normal and misorientation, is required to wholly
describe the macroscopic GB structure. Nevertheless, the use of the term “special” or low Σ CSL
boundaries is convenient, and thus GBE is most often related to the large increases seen in the
fraction of twin (Σ3), both coherent and incoherent, and twin-related GBs, Σ3n (n>1) in low to
medium stacking fault materials such as Ni alloys, austenitic stainless steels, and copper after
thermomechanical processing (TMP). Typically, these studies empirically link the increase in a
specific type of GB, typically Σ3n, with improvements seen in a given GB-dependent property.
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A more recent approach to the analysis of GB networks in heavily twinned
microstructures is to evaluate by grain clusters or twin-related domains (TRD). Gertsman et al.
[46] defines a grain cluster as a region of a microstructure in which all of the GBs within a given
cluster of grains are described by a Σ3n misorientation. Fang et al. [128] and Xia et al. [52]
implement the grain cluster analysis in studies of GBE stainless steel and Ni based Alloy 690,
respectively. Hu et al. [98] examines grain clusters of related Σ3n GBs in engineered 316
stainless steel and found that only Σ3 coherent twins (Σ3c) inside the grain cluster are resistant to
IGC.

In a similar fashion to the grain cluster studies above, Reed et al. [42] and Cayron [44]

describe a TRD as a large cluster of twin-related grains. Reed et al. [43] shows that TRDs
between an as-received Ni-based Alloy 600 have simple twinning and are isolated from the
random high angle GB network while, in contrast, the TRDs of GBE condition possess a high
density of twin-related GBs and a break-up of the random GB network. In a more recent study,
Mason et al. [45] examines statistical methods to describe GB networks with an emphasis on
TRDs and finds that the number of grains within the TRD is dependent upon processing history.
While these studies showed that TRDs are important and unique GB network descriptor, TRD
analysis has not, however, been examined in great detail aside from the grain cluster work
presented in by Xia et al. [49] and Hu et al. [98] with respect to IGC, or related phenomena in
which individual GBs and GB networks are attacked in extreme environments.
In order to fully appreciate how IGC propagates through heavily twinned microstructures,
the response of individual GB character and their clustering in TRDs during IGC must be
examined. In this report, we provide insight into how TRDs can be used as a key microstructural
scalar or descriptor to effectively improve the understanding of IGC behavior in a heavily
twinned GB network. We observe that twin-related GBs inside TRDs effectively stop or arrest
IGC propagation due to triple junctions in the domain interior that contain either (1) two Σ3
coherent boundaries, or (2) a Σ3 coherent boundary and a low angle GB. The analysis highlights
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the observation that despite the TRDs’ ability to stop corrosion propagation, particular situations
exist, due to higher order non-corrosion resistant twin-related GBs, which allow corrosion
damage to run through the length or middle of the TRD. Therefore, not only is it important to
distinguish between coherent and incoherent Σ3, but also, it is critical to delineate higher order
twin boundaries from one another, all of which occur inside the TRD. In most cases, higher order
twin boundaries are not corrosion resistant; however, there are particular twin reactions that
create corrosion resistant GBs, such as low angle GBs. To complement the TRD network IGC
analysis between a GBE and non-GBE microstructure, double loop-electrochemical
potentiokinetic reactivation (DL-EPR) and intergranular mass loss testing was also completed to
determine the degree of sensitization (DoS) after sensitization heat treatments. The DL-EPR
method has been widely used to quantitatively examine DoS and IGC susceptibility in stainless
steels [129–132]. Overall, the study shows that using TRDs as an effective and useful
microstructural GB network descriptor provide enhanced insight into individual GB level and GB
network level IGC phenomena in GBE 316L stainless steel.
4.2. Material and methods:
To examine the role of GB character and TRDs on IGC, different TMP routes were
developed to obtain both standard solution anneal (SA) and GBE microstructures. AISI 316L
stainless steel was obtained from Carpenter Technology (Reading, Pennsylvania) in the millannealed state with a nominal chemical composition given in Table 1. As-received specimens
were solution annealed for 60 minutes at 1050°C followed by a water quench. The GBE
microstructure consisted of 5% rolling reduction of nominal 10mm thick samples followed by a
1025°C anneal in open air for 90 minutes and water quench [133]. The GBE and SA
microstructures were examined by electron backscatter diffraction (EBSD) with a TexSEM
Laboratories orientation imaging microscopy (OIM ®) system. GB length and number population
of twin and twin-variant GBs (Σ3n) were calculated using the Brandon criterion for CSL GBs
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[24]. The classification and distribution of triple junction types were determined by the type of
GBs at the triple junction following the methods described in Rohrer et al. [103] and Randle et al.
[41] using multiple large data sets of >50,000 total GB segments analyzed per condition. The
types of GB at a triple junction were classified as random (R), Σ3 coherent (Σ3c), Σ3 noncoherent (Σ3i), Σ9, or Σ27. The distribution of triple junctions accounted for the coherency of the
Σ3 GB based on the in-plane angle of the GB line trace, as described in detail by Randle [134].
This method provides an estimate of whether the Σ3 GB is likely a coherent or non-coherent twin
segment.
TRDs were examined following the procedures described by Reed [42,43] and Cayron
[44]. Adjacent orientations were considered part of the same TRD if they were identified as
having either a Σ3 or Σ3n (n>1) relationship with a maximum deviation from the ideal
misorientation of 2˚. Each orientation was given a grain “ID” to track the number of distinct
orientations in the TRD. Adjacent grains with higher order twin misorientation relationship (Σ3n,
where n >3) were considered part of the same twin domain. Therefore, by this classification of a
TRD, GBs located along the exterior of the TRD were considered random GBs while all GBs
inside the TRD were considered twin-related GBs.
Site-specific boiling ferric sulfate-sulfuric acid (H2SO4) IGC mass loss test, ASTM A262
Practice B [135], was carried on both sample conditions (GBE and SA) after both 1 hr. and 50 hr.
675°C sensitization heat treatment in an open air box furnace environment, followed by air
cooling. The ferric sulfate sulfuric acid test was completed in accordance with ASTM-A262-15
practices where sulfuric acid is in a solution of dissolved ferric sulfate in distilled water.
Individual samples per condition with approximate size of 14mm x 14mm x 8mm were placed in
specialty made glass cradle and placed in the boiling solution. Three samples per condition were
examined for bulk IGC corrosion rate for non-site specific corrosion testing. Here, the sensitized
samples of both the GBE and SA condition were examined for IGC corrosion rate (mm/yr) in
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accordance with ASTM A262B-15 at 120 hrs. of testing using an analytical balance to measure
loss in weight. In addition, DL-EPR test were completed to obtain a bulk measure of the degree
of sensitization (DoS) between the 316L SA and GBE conditions. Sensitized samples as
described above were surface polished to a 1µm diamond surface finish before testing and
cleaned ultrasonically. DL-EPR test solution was a 0.5M H2SO4 + 0.01M Potassium thocyanate
(KSCN) used at room temperature. The experimental parameters including an deaeration before
each test was followed by the experimental procedure described by Srinivasan et al. [129]. DoS)
Eq.4-1 with reactivation and activation scan details here. The DoS is given by Eq. 4-1 where Ir is
the maximum current density on reactivation and Ia is the maximum current density on the
activation scan.
𝐼𝐼

𝐷𝐷𝐷𝐷𝐷𝐷 = �𝐼𝐼𝑟𝑟 � × 100
𝑎𝑎

(Eq. 4-1)

To carry out the site-specific IGC testing, both SA and GBE specimens were
vibropolished perpendicular to the rolling direction and labeled with fiducial marks on the
surface; SEM-EBSD analysis was completed in the area of interest before IGC. The remaining
sample faces were prepared to a 600 grit (P1200) surface finish. Following 24 hours of IGC
testing, SEM was used to examine the regions of interest from the pre-IGC EBSD area
surrounding the fiducial marks. The pre-corrosion EBSD region was used to allow a comparison
of the character of GBs that were corroded.
Samples for scanning/transmission electron microscopy (S/TEM) were prepared from the
SA as-sensitized 1 hr. and 50 hr, condition. GB site specific samples were prepared by standard
focused ion beam (FIB) cross-sectional lift-out methods in a FEI Stratus DB235 FIB/SEM. Sitespecific GBs were determined in the FIB/SEM by determining the GB character by EBSD.
STEM-energy dispersive x-ray spectroscopy (EDS) maps and line scans were completed using an
either a FEI Talos F200X field-emission analytical TEM/STEM at 200 kV with a 4 EDS detector
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Super-X EDS system or a JEOL 2100 field-emission analytical microscope with an EDS detector.
For EDS, only Fe, Cr, Ni, Si, Mo were considered during analysis as C cannot be accurately
quantified by EDS analysis [136].
4.3. Results:
4.3.1 Grain boundary and triple junction type distribution:
The Σ3 GB length fraction including coherent and incoherent twin segments increased
from 47% to 68% while the Σ9+Σ27 combined GB length fraction increased from 0.4% to 8.8%
from the SA to GBE condition. The Σ3 and Σ3n (n>1) length fraction increases observed after
TMP are consistent with previously reported GBE processing in 304 or 316 type stainless steels
[98,105,137]. The distribution of triple junction combinations can be a descriptor of the GB
network connectivity. In comparing the SA and GBE conditions, dramatic changes exist in the
fraction of key triple junction types that contain twin and twin variant GBs, listed in Table 4-1.
Importantly, the Σ3i-Σ3c-Σ9 triple junctions increased from 1.1% to 10.1% while the Σ3c-Σ3c-Σ9
improved from 2.6% to 9.5% from the SA to GBE state. These increases seen in triple junctions
with two Σ3 GBs are contrasted with the triple junction type of R-R-Σ3c, which decreased from
51% to 31% from the SA to the GBE state. The distribution of GBs in a triple junction, while
offering an overview of how different GBs are connected in the overall GB network, does not
provide a method to understand how specific GBs respond to IGC.
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Table 4-1: Distribution of triple junction types for the SA and GBE condition
Triple junction type distribution
Σ3c, Σ3c, R
Σ3c, Σ3c, Σ9
Σ3c, Σ9, Σ27
Σ3c, R, R
Σ3i, Σ3i, R
Σ3i, Σ3i, Σ9
Σ3i, Σ9, Σ27
Σ3i, R, R
Σ3i, Σ3c, R
Σ3i, Σ3c, Σ9

SA (%)
0.9
2.6
0.4
50.9
0.5
0.2
0.1
8.7
3.0
1.1

GBE (%)
0.8
9.5
7.6
32.5
0.8
2.2
2.7
9.8
2.5
10.1

4.3.2 Twin-related domains:
To analyze how IGC occurs at the exterior of TRD and propagation into the interior of
the TRD, a two-part approach was taken: (1) to classify GBs as being part of a particular TRD,
and (2) to assess individual GBs to determine their specific response to IGC. Figures 4-1a and 41c show representative TRDs for the GBE and SA conditions in which each grain is identified by
a number and color, based on the grain orientation (using the inverse pole figure scheme). Each
number in Figures 4-1a and 4-1c corresponds to a discrete orientation in the TRD while Figure 41b and 4-1d for the GBE and SA condition respectively shows the twinning relationship where
each orientation and corresponding number is classified as a node and are linked by a Σ3
relationship. In total, the representative TRD for the GBE condition has 45 distinct orientations
whereas the SA condition has just 2 distinct orientations.
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Figure 4-1: (A) Representative TRD for the GBE condition where each orientation is given
a number while the grain color is based on the inverse pole figure scheme. (B)
Corresponding TRD twin map from (A) where each orientation is linked by a Σ3
relationship. (C) Representative TRD for the SA condition where each orientation is given a
number while the grain color is based on the inverse pole figure scheme. (D) Corresponding
TRD twin map from (C) where each orientation is linked by a Σ3 relationship. In the TRD
maps (A) and (C), Σ3 GBs are colored red, Σ9 and Σ27 GBs are colored blue while high
angle and low angle GBs are colored black and purple respectively.

All GBs inside the TRD interior are either a twin or higher order twin relationship (Σ3n, n
> 1) as illustrated in Figure 4-1. A large fraction of these GBs are Σ3, Σ9, or Σ27 and are
represented by red (Σ3) or blue (Σ9, Σ27) lines respectively. All twin relationships inside TRD
have less than 2° deviation from their ideal CSL misorientation. Other high and low angle GBs
exist in TRDs and are represented by black (high angle GB) and purple (low angle GB) lines
which correspond to Σ34 or higher order twin relationships. Important for IGC analysis and GB
connectivity, low angle GBs can form from multiple twinning events. Two low angle GBs that
occur in GBE TRDs are: 12.2°<3 1 1> and 7.36°<1 1 0>. Both have a Σ243 (Σ35) relationship
between adjacent grain orientations [138]. In addition, higher order twin GBs may be
misrepresented in the Σ3 length fraction population if one uses the Brandon criterion since the Σ3
deviation is allowed up to 8.7° of tolerance from the ideal disorientation. These include the
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60.4°<4 4 3> (Σ81d, Σ34) and 54.5° <3 2 2> (Σ81b, Σ34) which both have an approximate
deviation of 7° to 8° from the ideal Σ3 misorientation. The ability to analyze the twinned GB
network with the TRD analysis provides a more expansive and detailed overview of the GB
character. In particular, the analysis provides a method to analyze higher order relationships
between GBs that are twin-related, such as the aforementioned low angle GBs which do not have
a low Σ value such as Σ9 or Σ27.
4.3.3 IGC in GBE and solution anneal states:
Figure 4-2a shows the representative DL-EPR curves for the SA and GBE conditions
after 1 hr. and 50 hr. sensitization heat treatment at 675°C. A higher DoS value (2.7%) is
observed for the SA condition compared to the low DoS (0.25%) obtained in the GBE condition
for the 1 hr. sensitization condition. The 1hr. sensitization condition of the GBE condition
indicates a lack of consistent reactivation peak (Ir) which is consistent with samples with minimal
density of Cr rich carbides and subsequently chromium-depleted zones along the GB network.
The SA condition with a 2.7% DoS indicates a moderate to low DoS value which is also
consistent with the relatively short sensitization heat treatment for low carbon Fe-Ni-Cr Mo
containing stainless steels such as 316L. The 50 hr. sensitization heat treatment, shown in Figure
4-2b, indicates higher DoS for both the SA and GBE conditions, however the DoS for the SA
condition was found to be nearly double that of the GBE condition . Specifically, the average
DoS for the SA and GBE conditions was 95% and 46.5% respectively. In similar fashion to the
low sensitization condition, marked difference exist between the SA and GBE conditions. The
high degree of sensitization in the SA condition is consistent with significant GB attack due to the
formation of Cr rich carbides and subsequent GB Cr depleted zones.
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Figure 4-2: DL-EPR curves for the solution anneal and grain boundary engineered
conditions with the measured degree of sensitization for both (A) 1 hr. sensitization heat
treatment and (B) 50 hr. sensitization heat treatment.

Figure 4-3 shows the IGC corrosion response and corrosion rate for the SA and GBE
conditions during exposure to the FS-SA ASTM 262 Practice B test at 120 hrs. for both the 1 hr.
and 50 hr. sensitization heat treatments. The GBE condition has significantly reduced corrosion
rates in both the low sensitization and high sensitization regime compared to the SA condition. As
expected, the corrosion rate and IGC attack is more significant after 50 hours at 675°C in both the
GBE and SA condition. It is apparent that in both the low and high sensitization treatment that
the SA sample has a high degree of connected IGC regions while the GBE has more scattered,
disjointed IGC regions. Unlike the GBE condition in the 50 hr. sensitization treatment, the SA
condition visually indicates the presence of significant grain drop out, a key indication of a lack
IGC resistance.

Figure 4-3e and 4-3f show a schematic of how the size of the overall TRD can

be a descriptor of the observed IGC behavior. The small TRDs observed in the SA condition
have a high degree of connected, corroded GBs while the large TRDs observed in the GBE
condition led to a discontinuous network of corroded GBs. To evaluate the effectiveness of
GBE to reduce and stop the propagation of IGC throughout the microstructure, examples are
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provided in the following section which highlight the role of TRDs in corrosion propagation in a
GBE microstructure.

Figure 4-3: IGC observed after 120 hrs. in the ASTM A262 test for the (A) solution anneal
condition with 1 hr. sensitization, (B) GBE condition with 1 hr. sensitization, (C) solution
anneal condition with 50 hr. sensitization, (D) GBE condition with 50 hr. sensitization. E-F)
Schematic illustrating observed correlation between TRD size and corroded grain
boundaries in the solution anneal and GBE condition.
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4.3.3.1 Propagation of IGC from TRD exterior to interior GBs:
Along the exterior of the TRD, GBs that have a random, non-twin related misorientation
are typically susceptible to IGC as illustrated by Figure 4-4. Along all the TRD exterior GBs
highlighted a connected path for corrosion exists. In this example, 14 connected triple junctions
are observed in Figure 4-4 at the TRD exterior. All triple junctions at TRD exterior must contain
two random GBs and one twin related GB. In this case, the subsequent corrosion GB
connectivity is a percolated path between the linked random GBs belonging to both adjacent
triple junctions. In nine of fourteen triple junctions observed in Figure 4-4, the third boundary is
a coherent twin. The corrosion is promptly arrested at the coherent twin segment of all these
triple junctions. The remaining five of the fourteen triple junctions contain one of either a high
order twin relationships or an incoherent twin and corrosion propagation occurs into the TRD.
Overall, these results demonstrate that random GBs at the TRD exterior are typically not resistant
to IGC, and in the case of both the SA and GBE, IGC attacks most of the random GBs.

Figure 4-4: (A) SEM image after IGC where corroded GBs show visible attack along all
visible GBs at the TRD exterior. (B) Corresponding inverse pole figure colored map with
GB type overlaid of same location in (A). (C) Diagram illustrating that IGC is continuous
along all the TRD exterior GBs

IGC propagation exist from the exterior of the TRD into the interior of the TRD and is
arrested or disrupted when IGC propagation meets two coherent twins at a triple junction while

65
most other higher order twin-related GBs such as Σ9, Σ27, Σ81d are susceptible to IGC. Figure
4-5 provides a typical example of how IGC propagation occurs, and is finally arrested, in the
TRD interior. The first GB labeled A1 in Figure 4-5 is a Σ81d, 60.1° <4 4 3> misorientation, and
has evident IGC attack. IGC attack continues through a number of other GBs labeled A2 through
A7, which include Σ81d, Σ27a, and Σ9 GBs. In this case, the percolate nature of the IGC path is
connected through a series of six triple junctions that contain two Σ3n (n>1) which are not
corrosion resistant and one corrosion resistant coherent twin boundary. The continuous IGC
attack is halted when it reaches a triple junction containing two coherent Σ3 GBs labeled A8.
Figure 4-5 also shows clear IGC on an incoherent twin segment which is labeled A9. From this
example, which is representative of other TRDs in the GBE condition, triple junctions that
contain two coherent twins can effectively stop the continuous connectivity of IGC. In addition,
coherent twins (labeled A10 and A11 in Figure 4-5) that intersect the TRD exterior are also
corrosion resistant. The other two GBs in these triple junctions are random high angle GBs,
however, and a continuous IGC path exist along these TRD exterior GBs.

Figure 4-5: (A) SEM image after IGC where corroded GBs show visible attack. (B)
Corresponding inverse pole figure colored map with GB type overlaid of same location as
(A). (C) Diagram illustrating that IGC is continuous along TRD exterior and has a
continuous connectivity into the TRD interior at a number of higher order twin GBs (A1A7) until reaching a triple junction with two coherent twins (A8).
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In addition, IGC paths are shown to propagate along multiple triple junctions that contain
only one coherent twin boundary. However, not all higher order twin GBs are susceptible to IGC.
During the GBE process and multiple twinning, two low angle GBs, Σ243c (12.2° <311>) and
Σ243i (7.36° <110>), can form in the GB network. Figure 4-6 provides one example for the Σ243i
GB in which IGC propagation is arrested. While this is a different TRD than shown in previous
examples, it clearly illustrates that low angle GBs can be created by multiple twinning and also
are resistant to IGC. In Figure 4-6, IGC propagation is seen at GBs labeled B1 and B2 inside the
TRD which are Σ27a and Σ81d GBs, respectively. The IGC propagation stops when reaching the
triple junction that contains GBs labeled B6 and B3, which are a coherent twin and a Σ243i GB
respectively. In this example, it is also apparent that when this low angle GB is part of triple
junction containing a coherent twin, the IGC connectivity is effectively arrested inside the TRD.

Figure 4-6: (A) SEM image after IGC where corroded GBs show visible attack. (B)
Corresponding inverse pole figure colored map with GB type overlaid of same location as
(A) with GB labeled B1 to B6 illustrating that IGC can be arrested at particular low angle
GBs (B3) that form during multiple twinning.

Although continuous IGC is typically arrested within the TRD, there are scenarios in
which IGC can percolate throughout the TRD. Figure 4-7 provides an example where IGC
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continuously exists throughout a significant portion of the TRD. In this case, all the GBs are
higher order twin relationships and high angle GBs. Subsequently, all interconnected triple
junctions in this case have three high angle Σ3n (n>1) relationships The IGC in this case is
continuous along GBs labeled C1, C2, and C3 which are Σ243e, Σ243a, and Σ729b respectively.
In the case where IGC propagates throughout the TRD, it passes through a number of triple
junctions that contain one coherent twin that is corrosion resistant and two higher order twin
relationship that are not corrosion resistant. In this scenario, corrosion does not occur on the
coherent twin GB, but appears on the other higher order twin relationship GBs.

Figure 4-7: (A) SEM map after IGC where corroded GBs show visible attack. (B)
Corresponding inverse pole figure map with GB type overlaid of same location in (A) with
GBs labeled C1 to C3. (C) Diagram illustrating continuous IGC can occur through the
width of a TRD where Σ243e, Σ243a, and Σ729b are all higher order twins but still
susceptible to IGC.

To illustrate the high level of corrosion on higher order twin GBs, Table 4-2 provides the
percentage of corroded GBs by number fraction. It provides a simplified view on the GB
character level of corrosion observed in the higher order twins (Σ9 and Σ27) and compares these
values to non-twinned related random low angle GBs (<15° disorientation ) and high angle
random GBs). The level of corrosion observed between the Σ9, Σ27, and random high angles
GBs are all high and nearly equal with percentages of corrode GBs between 92% and 95%.
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Therefore, it is clear that the Σ9 and Σ27 GBs do not provide assistance in the corrosion resistance
inside the TRD and corrode at a range equivalent to random high angle GBs. The random low
angle GBs, although not observed in larger statistical quantities as the other GBs, corrode only
22% of the GBs on average. This provides validation that the observed two twin related GBs,
Σ243c and Σ243i, are likely corrosion resistant due to low disorientation angle.

Table 4-2: Overview of the number percentage of GBs corroded observed at Σ9, Σ27,
random high angle GBs, and random low angle GBs.
GB Type:
Σ9
Σ27
High Angle Random
Low Angle Random

Percentage of
Corroded GBs
95%
93%
92%
22%

Total Number of
Measured GBs
48
45
176
9

4.4. Discussion:
4.4.1 TRD and implications for GB network characterization:
IGC has a systematically different response at locations at the exterior and interior of a
TRD. GBs at the TRD interior, intra-TRD GBs, such as the coherent twins and Σ3 related low
angle GBs, are resistant to IGC, while GBs at the TRD exterior, inter-TRD GBs, are typically
susceptible to IGC. Therefore, the use of TRDs as a microstructural descriptor to understand the
percolation in a GB network is valuable for predicting IGC behavior. It is appropriate to
distinguish GB types or triple junction types based on their location such as inter- or intra- TRD
regions. Cayron [44] highlights that the TRD is an important microstructural entity since all the
grains with in the TRD are linked to a resistant Σ3 GB. Therefore, intergranular phenomena like
IGC cannot percolate through the TRD and that intergranular phenomena percolate by boundaries
between adjacent TRDs (intra-TRD GBs). These conclusions by Cayron are in general agreement
with the results presented in this study. Experimentally, the results indicate that the overall IGC
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network connectivity is not necessarily discontinuous in GBE microstructures but the most
common continuous path is around the large TRDs. More importantly, during the GBE TMP
process, the size of the TRD, which is based on the number of distinct orientations in the TRD,
grows significantly from the standard SA state and subsequently and the potential distance for
continuous IGC path grows. Therefore, there exists a link between the microstructures ability to
be IGC resistant and the average size of the TRD in heavily twinned materials. In this study, the
representative TRDs in the GBE state contained 42 distinct orientations and spans well over 500
µm in length while the TRDs in the SA state possessed on average 2 distinct orientations. Under
the assumption that IGC propagation is eventually arrested inside the TRD, a microstructure with
large TRDs, such as those found in GBE conditions, will be more IGC resistant than a
microstructure with small TRDs. The IGC effectively corrodes around the TRD and therefore the
TRD size can be an effective descriptor of the corrosion resistance. In order to fully evaluate the
effectiveness of using TRDs to understand GB percolation processes such as IGG, IASCC, or
IGSCC, more effective quantification of the TRD is needed. For example, Lind et al. [7] recently
examined TRDs using 3-D orientation mapping and used advanced metric to examine differences
in TRDs based on processing route including metrics such as length of longest twin chain and
uniqueness of observed twin related orientations.
The observation that TRD size plays a critical factor in predicting IGC behavior is in
agreement with grain cluster analysis of GBE and non-GBE Alloy 690 tube by Xia et al. [49]
where they observe increased weight loss after IGC with small grain clusters associated with nonGBE condition compared to large GBE grain clusters. It is clear that TRD or grain cluster size
plays a critical role in determining the IGC response. TRDs associated with GBE create
scenarios where the most likely continuous 2-dimensional IGC path is around clusters of grain in
excess of 40 distinct orientations and lengths >500 µm such as the TRD in Figure 4-1a. This is
unlike traditional SA or non-GBE microstructures where the continuous 2-dimensional IGC paths
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are around small TRD or grain clusters such as the TRD in Figure 4-1c. Figure 4-3e and 4-3f
highlights this difference in predictive IGC behavior between GBE and non-GBE conditions due
to the size difference of the TRDs. It is conspicuous that as the TRD size increases, the
propagation distance for continuous percolation of IGC increases.
To support the discussion that GBE microstructures, associated with large TRDs which
contain a high density of both Σ3 and Σ3 related GBs, are more resistant to IGC, bulk scale
corrosion test was completed. As shown in the results section, the DL-EPR testing of the GBE
condition after both short and long sensitization time, 1 hr. and 50 hr., indicates significantly
reduced DoS compared to the SA. The low DoS values as measured specifically by DL-EPR
testing associated with GBE or microstructures with a high degree of Σ3 twin or Σ3 related is
consistent with a number previous GB character dependent studies in 304, 316, and Ni based FeCr-Ni alloys [38,95,137,139–141]. In addition to the DL-EPR testing, the weight loss test,
ASTM A262 Practice B, indicates a reduced corrosion rate in the GBE condition compared to the
SA after the 1 hr. and 50 hr sensitization treatments. Consistent with the DL-EPR test, the
reduced bulk mass loss in the GBE condition correlates with the increased level of Σ3 and Σ3n
(n>1) GBs reported previously [49,98,99]. The increase in Σ3 GBs length percentage as discussed
above is associated with an increase in the overall TRD size.
IGC connected paths, however, can exist through the TRD. As shown in Figure 4-7, there
are special circumstances in which there are triple junctions or series of triple junctions that
consist of three higher order, high angle twin-related GBs (e.g. two Σ243 and one Σ729) that are
not corrosion resistant. GBE does increases the fraction of resistant GBs such as coherent Σ3
twins and low angle GBs but there exist situations in which IGC can propagate completely
through the TRD without being halted. Therefore, although all TRD GBs are linked to Σ3 GBs,
rare situations occur when, due to multiple twinning, the TRD does not act to stop intergranular
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phenomena. This is validated by the nearly equal and high percentage of corroded GBs provided
in Table 3 between the Σ9, Σ27, and the random high angle GBs.
Overall, it is evident that propagation of IGC is typically stopped in the interior of TRD,
as shown in Figure 4-6. This observation is in agreement with recent studies [52,98,125], which
conclude that IGC propagation is effectively stopped in a grain cluster by triple junctions of two
coherent twin boundaries. These findings corroborate their conclusions regarding IGC arrest at
coherent twin boundaries, but it also highlight the ability for low angle twin-related GBs to arrest
IGC propagation in the TRD interior. In addition, the distributions of triple junction types
highlight the increase seen in triple junctions containing two coherent twins from the SA to GBE
state. Although it is clear in the above-mentioned literature and results presented here that the
coherent twin is the only low CSL GB (Σ <29) resistant to IGC, the term low-Σ CSL continues to
have popularity [14,97] in explaining improvements in properties from GBE. It is likely,
however, that these improvements are due only to the coherent twin GB and the effective increase
in the TRD size.
4.4.2 Role GB character in IGC and TRDs:
It is well known that GBE creates twin boundaries, both coherent and incoherent
segments, and other higher order twin GBs. Molecular dynamics simulations, however, of GB
energy in low stacking fault Cu as a function of both misorientation and GB plane highlight that
not all twin-related GBs have low GB energy structures [133,142–146]. Therefore, those GBs
with low GB energy should correlate to GBs that have a lower degree of sensitization and
subsequent IGC, which is dependent upon preferential solute segregation and precipitation of
M23C6 carbides at the GB plane [147–149].
The Σ243c, Σ243i, and the coherent twin have significantly lower GB energy than other
Σ3n GBs and random high angle GBs. Based on the work of Tschopp et al. [142,146] in similar
fcc low stacking fault pure Cu , low angle GBs in the 7 to 12° range can be estimated to have GB
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energy between 300 to 360

mJ
m2

for <110> tilts while the coherent twin is even lower at 22

mJ
.
m2

On the other hand, for example, the Σ9, 38°<110> can have a range of GB energy depending
upon the GB plane between 610 and 830

mJ
.
m2

Higher order twin-related GBs are expected to have

GB energies similar to those of fully random GBs based on their misorientation angle and axis.
An interesting aspect of this relationship is the large difference in GB energy between the
symmetric coherent twin (Σ3<110> {111}) at 22
592

mJ
.
m2

mJ
m2

and the incoherent twin (Σ3<110> {112}) at

Correspondingly, the results highlight that the IGC of the coherent and incoherent twin

behavior are dramatically different: the incoherent twin showing no resistance to IGC. This is an
indication of the anisotropy of IGC along GBs classified by the same CSL Σ value. The
anisotropic nature of IGC seen in the Σ3 boundary illustrates the importance for analyzing the full
(misorientation and plane) GB character distribution as opposed to solely relying on the CSL Σ
value or misorientation. Recently, Homer et al. [3] used a new approach by using the GB plane
fundamental zone to establish correlations between structure-property relationships. This method
provides a clear way to examine correlations between the GB plane space and particular property
relationships such as GB energy and GB excess volume. Consistent with the above studies, they
show that while the coherent twin has very low GB energy, there is minimal energy or excess
volume differences in the boundary plane fundamental zone of the Σ9 GB in pure Ni. Therefore,
those GBs with low GB energy should correlate to GBs that have a lower degree of sensitization
and subsequent IGC, which is dependent upon preferential solute segregation and precipitation of
M23C6 carbides at the GB plane [147–149].
It has been experimentally shown that M23C6 Cr rich carbides and subsequent Cr
depletion regions exist along GBs in 304/304L and 316/316L alloys. Trillo et al. [150,151]
examined Cr carbide nucleation and growth in 304 type stainless steel and found extensive
carbide growth on random high angle GBs and incoherent twin GBs while coherent twins
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provided resistant to carbide nucleation and growth. This observation is consistent with a number
of similar studies in both stainless steel [149] and Ni based Alloy 600 [152] which indicated that
coherent twin GBs are resistant to GB nucleation while incoherent twins, Σ9, Σ27, and other
higher order twin relationships can subsequently form deleterious Cr rich carbides and adjacent
Cr depleted zones. In this study, as shown in Figure 4-9b, the 50 hr. sensitization treatment
clearly forms Cr rich carbides along random GBs and subsequent Cr depleted zones. The Cr
depleted zones can subsequently be linked to the reduced bulk IGC resistance of the SA condition
which contains a higher density of random GBs and smaller TRDs compared to the GBE
condition.
It is important to note that the uniformity or depth of corrosion attack is different between
the GBs observed in the study. In this study there was no separation between GBs as function of
corrosion depth as boundaries were only considered to either be attacked or resistant to IGC. As
observed in Figure 5, it is apparent however that although GBs labeled A1 through A7 all have
significant IGC, the attack depth is different as function of GB type. For example, GB A1 is a
Σ81d 60.1° <4 4 3> GB which has qualitatively smaller corrosion depth attack compared to for
example the Σ9 or Σ27a GBs labeled A3 and A4 in Figure 4-5. Recent studies [153] indicate
potential methods to examine these GB character dependent level of corrosion or stress corrosion
cracking depth attack by FIB cross-sectional analysis and is planned future work for this study.
The FIB cross-sectional analysis also provides a means to determine the full 5 degrees of freedom
of the GB and should be examined in greater detail for a complete understanding between
differences in the levels of IGC susceptibility.
4.5. Conclusions:
TRDs provide a practical microstructure descriptor in heavily twinned materials to link
how IGC propagates through the GB network compared to a more simplistic analysis based on
GB length or number fractions of special GBs or triple junction distribution analysis. IGC can
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propagate into the TRD and is only fully arrested at triple junctions containing two GBs of the
coherent twins or the twin-related low angle GBs (Σ243c and Σ243i). Propagation of IGC does
not stop at any higher order twin GBs (Σ3n, n>1) aside from the aforementioned two low angle
Σ35 GBs This has important implications as IGC can propagate along triple junctions containing
these higher order twin boundaries without arresting. Finally, the Σ3 coherent twins are resistant
to IGC while incoherent twins behave similar to random high angle GBs, which is consistent with
past literature; these differences in IGC resistance are linked to the dramatically different atomic
GB structure between the coherent and incoherent twin GB. Overall, TRDs are an effective and
important microstructural descriptor for analyzing the percolated nature of IGC in heavily
twinned microstructures.
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CHAPTER 5: Anisotropic radiation-induced segregation in 316L austenitic stainless steel
with grain boundary character
Radiation-induced segregation (RIS) and subsequent depletion of chromium along grain
boundaries has been shown to be an important factor in irradiation-assisted stress corrosion
cracking in austenitic face-centered cubic (fcc)-based alloys used for nuclear energy systems. A
full understanding of RIS requires examination of the effect of the grain boundary character on
the segregation process. Understanding how specific grain boundary structures respond under
irradiation would assist in developing or designing alloys that are more efficient at removing
point defects, or reducing the overall rate of deleterious Cr segregation. This study shows that
solute segregation is dependent not only on grain boundary misorientation, but also on the grain
boundary plane, as highlighted by markedly different segregation behavior for the Σ3 incoherent
and coherent grain boundaries. The link between RIS and atomistic modeling is also explored
through molecular dynamic simulations of the interaction of vacancies at different grain boundary
structures through defect energetics in a simple model system. A key insight from the coupled
experimental RIS measurements and corresponding defect–grain boundary modeling is that grain
boundary–vacancy formation energy may have a critical threshold value related to the major
alloying elements’ solute segregation.
Co-authorship:
*Sections 2.2 (Defect-grain boundary interaction strengths calculations) and *Sections 3.3
(Defect-GB interaction strengths for model low stacking fault fcc materials) were completed in
collaboration with Xian-Ming Bai, Idaho National Laboratory. He supplied the calculations and
relevant text regarding the molecular dynamic model in these sections.
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5.1. Introduction:
To improve existing and develop new structural alloys for nuclear energy systems, it is
critical to tailor alloy microstructures for extended material lifetime, thus providing sufficient
resistance to more demanding irradiation, higher temperature and corrosive environments. One
approach to microstructural design is to produce alloys by increasing the density of specific types
of grain boundaries (GBs). GBs are critical interfaces in materials and play a key role in a wide
range of properties such as mechanical strength [154], radiation tolerance [2,82] and corrosion
[155]. By controlling the distribution of GBs, a sophisticated microstructure that promotes the
recombination or annihilation of irradiation-induced point defects at GBs, and also limits
deleterious segregation of elements critical to chemical and mechanical alloy stability, can be
created. Traditional materials used in these extreme environments, such as austenitic stainless
steels, undergo non-equilibrium segregation and clustering of vacancies and interstitials created
during high-energy collision cascades, which ultimately lead to changes in local microstructure
and microchemistry [67,73]. A key result of this phenomenon is radiation-induced segregation
(RIS), which is the preferential interaction between the flux of vacancy and interstitial point
defects and the flux of specific alloying and solute elements to point defect sinks such as GBs
[68,72,75,156,157] .
It is well accepted that in 304L and 316L austenitic stainless steels, RIS at GBs is
characterized, in terms of the major alloying elements, by the depletion of Cr and the enrichment
of Ni [73]. The depletion of Cr may cause GBs to be susceptible to corrosion and induce
irradiation-assisted stress corrosion cracking (IASCC) [67]. Limited studies exist that relate how
the structure of the GB alters segregation profiles in these steels. In order to develop materials
that are able to withstand more extreme environments, it is crucial to understand what type of GB
character promotes point defect recombination and effectively minimizes Cr segregation.
Although previous research has examined trends in segregation with respect to misorientation,
little information is provided with respect to the GB plane. An early high-voltage electron
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irradiation study by Watanabe and Takamatsu [158] studied the segregation effect at low sigma
(Σ) coincidence site lattice (CSL) boundaries, where the CSL Σ notation describes the geometric
relationship between the lattice sites in adjacent grains and describes the degree of coincidence of
lattice sites at a GB [27]. These studies found that Σ3, Σ9 and low-tilt-angle GBs experienced a
reduced amount of Cr depletion while more random, high-angle tilt GBs did not suppress RIS. In
additional studies, researchers [159,160] found a local segregation minima at the Σ3 GB while
noting a general trend of lower Cr segregation with decreasing CSL Σ value. Limited
experimental results indicate or predict why particular types of GB structures are able to suppress
or limit Cr segregation. A more recent study by Sakaguchi et al. [161], however, provides insight
into the role of the full GB character by examining GBs with the same misorientation, Σ3, but
different GB planes. To adequately describe GB character, five macroscopic degrees of freedom
must be taken into account: three for the boundary misorientation between adjacent grains and
two for the boundary plane [17]. GB character dependence of phenomena other than RIS has
shown that trends are present based on the GB plane in addition to misorientation. Examination of
the denuded zone of voids in copper under helium irradiations by Han et al. [162] found
significant correlations between the width of the denuded zone and the full GB character and GB
sink efficiency. Atomistic modeling studies [91,142,163,164] have recently indicated the
importance of the atomic GB structure on the interaction of interstitial and vacancy point defects
which varies with the GB plane. These findings indicate very specific differences in interstitial
and vacancy GB segregation energies and interaction strength between the various types of GB
structures for model body-centered cubic and face-centered cubic (fcc) crystalline systems. The
results reveal a difference between tilt and twist GBs in addition to boundary plane symmetry
dependency. Unfortunately, limited research has been executed to compare or explain these
atomistic simulations with experimental GB-dependent phenomena such as RIS or denuded zone
width.
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In this study, an expanded insight into how the GB character interacts with irradiationinduced point defects and subsequent solute segregation (RIS) in 316L austenitic stainless steel
under heavy ion irradiation is presented. Well-developed thermomechanical processing
techniques for austenitic stainless steel [128], or grain boundary engineering (GBE) [124], are
used to obtain microstructures with specific variations in the GB character distribution which
includes variations in misorientation and boundary plane. This permits the examination of the full
GB character (i.e., five macroscopic degrees of freedom) dependence of Cr and Ni segregation
after irradiation. The experimental results of RIS dependency on GB character are compared with
simulated vacancy–GB atomistic metrics such as vacancy formation energy. This provides a
method for a more detailed understanding, combining modeling and experiments, of the
interaction of point defects in RIS with variations in the atomic GB character or structure.
5.2. Experimental design and simulation method
5.2.1. Experimental design
AISI 316L austenitic stainless steel was obtained in the mill-annealed state from
Carpenter Technology (Reading, PA) with a chemical composition given in Table 3-1. Specimens
from the as-received 316L sample were cut to a nominal thickness of 10 mm and homogenized
for 30 min at 1050 °C in an air furnace, followed by a water quench. A homogenization heat
treatment was then used to remove any unforeseeable solute segregation or precipitation during
alloy processing, or delta ferrite banding that would otherwise alter the GB RIS profile [165].
After the homogenization, the 316L was thermomechanically processed by a 5% rolling reduction
and subsequent 1000 °C anneal, followed by a water quench. The thermomechanical processing
was used to induce a high number fraction of twin GBs, both coherent and incoherent, and twin
related GBs. Jet-thinned disks of the processed 316L alloy were prepared by standard
metallographic techniques and electropolishing with a TenuPol 5 polishing unit using 5 wt.%
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perchloric acid–95 wt.% methanol solution at −35 to −45 °C with a voltage of ∼20 V and varying
current.

Heavy ion irradiations were carried out at the Ion Beam Laboratory at Sandia National
Laboratories using a Tandem linear accelerator. The 316L specimens were irradiated using broad
beam irradiation (3 mm × 3 mm spot size) conditions with 3 MeV Cu2+ ions at 500 ± 10 °C to a
fluence of ∼2.3 × 1016 ions cm−2. The estimated displacement per atom (dpa) for the irradiation
was ∼11 dpa at a dose rate of ∼1.0 × 10−3 dpa s−1. The dpa was estimated from stopping and
range of ions in matter (SRIM) recoil/damage calculations made with Kinchin–Pease

estimates [26] for a thickness of 110 nm. This thickness corresponds to the electron transparent
region of interest in the transmission electron microscopy (TEM) foils. At all regions of interest
examined in this study, the end of range of the heavy ion (Cu) is much greater than the electron
transparent foil thickness. Therefore, the Cu content was estimated to be unchanged by the heavy
ion irradiation. The temperature was measured by a thermocouple on the specimen surface during
the irradiation to ensure a consistent temperature at the sample throughout the irradiation
experiment.
After irradiation, the disks were initially examined in a FEI XL 30 ESEM equipped with
a TSL EDAX OIM 6.0 electron backscattered diffraction (EBSD) system to identify the
distribution and type of GBs present in the electron transparent region. After being identified by
EBSD, specific GBs were examined in a Philips/FEI CM200-FEG TEM-scanning transmission
electron microscope (STEM) at Oak Ridge National Laboratory (ORNL). GB microchemistry
was measured by STEM/energy dispersive X-ray spectroscopy (EDS) using an EDAX R-TEM Si
(Li) X-ray spectrometer near or edge-onto the electron beam at 200 kV with an approximate
probe size of 1.2 nm and correlated with the previously acquired EBSD map. Four different GB
characters were examined by many EDS line scans across the GB and only those with edge-on
GB condition were used; their misorientation and CSL Σ value are listed in Table 5-1. A
minimum of three line scans that had the GB edge-on were used to obtain the level of elemental
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segregation of Cr and Ni for the incoherent twin and 16.4° GB (Table 5-1). For the 36.5° GB
(Table 5-1), only two of the five line scans obtained had “edge-on” GB conditions and were used
to estimate the GB microchemistry. In the case of the coherent twin boundaries, only two line
scans from different coherent twin boundaries were used to obtain the average Cr and Ni GB
microchemistry that were edge-on and the adjacent grains were in similar diffraction conditions.
In the case of the 16° and 35° GB, no other GBs with the same angle–axis pair were found in the
thin regions of the multiple jet-thinned disks analyzed. The STEM/EDS X-ray intensity
measurements were correlated to atomic per cent (at.%) by using k-factors determined from the
microscope-EDS parameters and the Cliff–Lorimer ratio technique [136]. To simplify the
analysis, the system was normalized such that Fe + Ni + Cr + Mo + Mn + Si + P = 100 at.%.
Minor solutes of S and Cu were not examined in this study due to the low count intensity;
additionally, C was not included in the analysis due the inability to accurately quantify this
element with STEM–EDS, which can be attributed in part to carbon contamination. In addition,
low intensities for Mo Kα, Mn Kα and Si Kα peaks indicated that detailed quantitative GB and
matrix compositions for these elements would be inaccurate. As such, even though these elements
are used to convert the STEM–EDS elemental peak intensities to quantitative atomic
concentration, they are not presented in the results or discussion sections.

Table 5-1: Overview of experimental and modeled GBs

<110>Σ3{111} coherent twin
<110>Σ3{112} incoherent twin

Closest Σ Representation
and deviation from ideal
Σ3, <1°
Σ3, <1°

<23 20 3>, 16.4˚,
<6 5 6>, 36.5˚

Σ51, <1°
Σ7, 3.4°

Experimental GB Character

Modeled GB Character
<110>Σ3{111} coherent twin
<110>Σ3{112} incoherent
twin
16.09°, <110> Σ51{1 1 10}
38.2°, <111> Σ7{321}
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For GB regions in which STEM–EDS line scans were performed, precession-enhanced
electron diffraction using the Nanomegas ASTAR® automated crystal orientation mapping [166]
system in a JOEL 2100 TEM was used to confirm that the mesoscale EBSD mapping determined
the correct misorientation and boundary type. In some cases, the scanning electron microscopy
(SEM)–EBSD orientation maps could not accurately determine the GB misorientation due to
proximity to the jet thinned foil hole and in these cases misorientation was confirmed with the
TEM orientation mapping. TEM-based orientation maps were acquired with a step size of 5 nm
and a beam spot size of 10 nm while spot diffraction patterns were collected at each step with a
high-speed camera with a precession angle ∼1°. Data were exported into the TSL® OIM

Analysis 6.0 software for quantitative analysis of the GB misorientation and the GB plane
normal. Analysis of the GB plane was obtained following the method described by Randle
[134] and provided in the TSL OIM 6.0 software where crystallography of GB plane information
can be obtained from the trace and angle from reconstructed boundary segments.

5.2.2. Defect–grain boundary interaction strength calculations*
To add to the understanding of how GB character affects the magnitude of RIS, complementary
molecular statics calculations of the defect energetics near different types of GBs were conducted.
The value of vacancy segregation energy could be an indicator of the sink strength of GBs and
thus it may provide some information on GB character-dependent segregation tendencies of
solute atoms. Many previous studies have shown that the vacancy-mediated solute transport
(inverse Kirkendall) mechanism alone is adequate to describe the RIS behavior [71,167] in fccbased austenitic steels. Therefore, here only the values of vacancy segregation energies at GBs
were analyzed. The calculation method used is similar to previous work [142]. The vacancy
𝑣𝑣
formation energy at a GB site 𝐸𝐸𝑓𝑓,𝐺𝐺𝐺𝐺
can be defined as:
𝑣𝑣
𝐸𝐸𝑓𝑓,𝐺𝐺𝐺𝐺
= 𝐸𝐸 𝑣𝑣𝐺𝐺𝐺𝐺 + 𝐸𝐸𝑐𝑐𝑐𝑐ℎ + 𝐸𝐸 𝐺𝐺𝐺𝐺

Eq. 5-1
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where 𝐸𝐸 𝑣𝑣𝐺𝐺𝐺𝐺 is the total energy of a GB system containing one vacancy at the GB, Ecoh is the

cohesive energy (per atom) in the bulk system and EGB is the total energy of a GB system before
any defects are created. The vacancy segregation energy is defined as the difference between the
formation energy at a GB site and in the bulk. The higher segregation energy correlates to lower
vacancy formation energy.

Ideally, such calculations should be conducted in a Fe–Ni–Cr alloy system to match this
experimental work; however, there are some significant challenges associated with this task.
First, currently there is only one recently developed empirical potential for Fe–10Ni–20Cr alloy
[168]. This potential has not been widely used so that it is unknown whether this potential can
accurately describe GB properties. Second, since the Fe–Ni–Cr alloy is a multi-component
system, there are many possible configurations or arrangements of alloy elements at GBs.
Therefore, it would be difficult to find the ground state of GB structure. Thus, for simplicity,
copper, which has a similarly low stacking fault energy (∼40 mJ m−2) [169] to austenitic stainless
steel (∼20–30 mJ m−2) [170] as compared to Ni (∼125 mJ m−2), was used as a model system for
the fcc structure material in the experimental work. The interatomic potential used in this work
for copper was developed by Mishin et al. [171] and predicts a very reasonable stacking fault
energy (44.4 mJ m−2). Although the model system is a simple fcc system, it is expected that the
trend of the vacancy segregation at GBs is qualitatively similar to the experimental fcc system.
Four GBs were studied: <1 1 0> Σ3{1 1 1} coherent twin, <1 1 0> Σ3{1 1 2} incoherent twin,
<1 1 0> Σ51{1 1 10} 16.09° tilt, and <1 1 1> Σ7{3 2 1} 38.2° tilt. As shown later, these GBs
were chosen due to their similarity to the four GBs examined in our experimental work. The
simulated GBs consisted of 5040, 4800, 4800 and 6048 atoms. In all of these simulation systems,
the dimensions along the GB plane (X and Y directions) were greater than 25 Å and the dimension
in GB normal direction (Z direction) is greater than 80 Å. Periodic boundary conditions (PBCs)
were employed in all directions; consequently there are two equivalent GBs in each GB-
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containing system. As shown in Section 3, the vacancy formation energy at the middle between
two equivalent GBs induced by PBC in each simulation system approached the bulk value.
Therefore, the system dimensions were deemed sufficiently long and the interaction between two
equivalent GBs was minimal.

All of the calculations were conducted with a molecular statics method provided in the
LAMMPS package [172]. For each GB, the minimum-energy GB structure was obtained by
mapping the so-called “gamma surface”. In the mapping process, one grain was translated as a
rigid body with respect to the other grain along many grids in the GB plane. At each translation,
the system energy was minimized. Upon mapping, the GB structure of the minimum GB energy
was found. The vacancy formation energy at each atom site was calculated for the minimumenergy GB so a vacancy formation energy profile along the direction perpendicular to the GB
plane was obtained. Here the vacancy formation energy at the grain interior (e.g., 20 Å from the
GB) was assumed to be the same as that in a single crystal predicted by the Mishin potential
(1.27 eV) [171] because it is much longer than the cutoff distance of the potential (5.5 Å).
5.3. Results
5.3.1. Microstructural evolution after thermomechanical processing
Thermomechanical processing (5% rolling reduction and 90 min anneal at 1000 °C) of
the 316L stainless steel microstructure substantially increased the fraction of Σ3n (n = 1–3) GBs
from 47% to 72% length fraction of the total GB population. The purpose of the process was to
increase the density of Σ3 GBs, which have previously been thought to play a key role in Cr
suppression in both irradiated RIS and other non-equilibrium processes such as sensitization
[98] while offering the ability to study the effect of the GB plane. Specifically, the increase in the
density of Σ3 boundaries was associated with the introduction of new non-coherent twin
segments. The frequency of non-coherent twin GB segments increased from 23% of the total

84
number fraction of GBs in the solution-annealed state to 43% in the thermomechanical processed
state. Figure 5-1a and 5-1b shows SEM–EBSD inverse pole figure colored maps which provide
representative microstructures for the solution-annealed and thermomechanical processed state,
respectively. Figure 5-1c a histogram of the GB length fraction statistics for Σ3, Σ9 + Σ27 and the
inverse pole figure map, Figure 5-1b, indicate that the newly formed Σ3 boundaries in the
thermomechanical process state incorporate into the overall GB network structure.

Figure 5-1: (A) Solution-annealed 316L stainless steel inverse pole figure orientation map
with the majority of Σ3 boundaries as coherent twins; (B) thermomechanical processed
316L stainless steel inverse pole figure orientation map with a large fraction of
Σ3n boundaries (both coherent and non-coherent) which are incorporated to overall
boundary network; (C) Average Σ3 and Σ9 + Σ27 GB length fractions for the two
conditions in (A) and (B) where error bars indicate the standard deviation for the boundary
length fraction.

Figure 5-2 displays the results acquired from a detailed TEM and orientation imaging
analysis for the specific region of interest in the microstructure. Figure 5-2a and 5-2b shows
image quality maps overlaid with GB character maps from SEM–EBSD while Figure 5-2c and 52d show corresponding STEM high-angle annular dark field (HAADF) images. A triple junction
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was found that consisted of two Σ3 boundaries which had a high degree of faceted GB segments.
The GB character maps, Figure 5-2a and 5-2b, indicate the regions of the Σ3 twin boundary that
are coherent twin boundary facets, based on the in-plane angle relationship to the specimen
reference frame. These coherent twin segments are highlighted by green lines overlaid onto the
red-colored Σ3 GBs.

Figure 5-2: Methodology of determining GB structure for STEM–EDS microchemistry
analysis. (A) SEM–EBSD image quality map with overlaid GB character map with red lines
indicating Σ3 boundaries and green lines indicating reconstructed (1 1 1) coherent Σ3
segments; (B) higher magnification image quality map with 200 nm step size indicating
faceted nature of Σ3 boundary; (C) STEM image of two coherent twin boundaries from the
SEM–EBSD map in (B); (D) STEM image of a twin boundary with both incoherent and
coherent segments from SEM–EBSD map in (B).

For this study, the Σ3 twin boundary system is described by variations in the inclination
angle from the coherent twin boundary. The coherent twin is one of the two symmetric tilt GBs in
the Σ3 CSL tilt system and consists of a {1 1 1}/{1 1 1} GB plane normal. The second symmetric
tilt, a 90° change in inclination from the coherent twin, corresponds to the incoherent twin
boundary with a {1 1 2}/{1 1 2} GB plane normal. Therefore, in Figure 5-2c, the faceted region is
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not coherent in nature and due to its 90° angle from the coherent twin; it is an incoherent twin
facet with {1 1 2} GB planes.
3.2. Radiation-induced segregation with grain boundary type
Analysis of the GB segregation profiles revealed depletion of both Fe and Cr and
enrichment of Ni at all GBs irradiated at a dose of 11 dpa and a temperature of 500 °C, which is a
dose and temperature parameter space assumed to be a steady-state RIS regime [173]. The width
of the Cr depletion or Ni enrichment zone varied and experimentally was influenced by the
alignment of the GB lying in an edge-on configuration with respect to the incoming electron
beam and diffraction condition of the adjacent grains. Figure 5-3 shows the typical aligned edgeon GB to incident electron beam for which RIS profiles were obtained using STEM–EDS
methods. The RIS profile shown in Figure 5-3 was obtained for the 16.4° [23 20 3] GB; the
maximum segregation zone is seen within ±5 nm of the GB center for both Cr and Ni.

Figure 5-3: (A) BF-STEM image of a region of interest indicating a 16.4° high angle
GB; (B) subsequent STEM–EDS line scan average of three scans across the same
GB, indicating change in composition of Ni and Cr (at.%) from the matrix to GB
center.

The coherent twin GB experienced minimal segregation for all alloying elements, as
indicated in Figure 5-4. The coherent twin was measured to have, on average, a 1.6 at.%
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depletion for Cr while a 2.9 at.% enrichment of Ni was measured from the matrix to the GB. In
stark contrast to those results, the incoherent Σ3 twin experienced significant Cr depletion
(−10.0 at.%) and Ni enrichment (+24.5 at.%) from the matrix to the GB. The large variation in
depletion of Cr between the coherent and incoherent twin segments highlights the critical need for
understanding the full GB character in the context of RIS. It should be noted that the coherent
twin does still show quantifiable Cr depletion but is not near the same level as the incoherent twin
GB.

Figure 5-4: Summary of experimental RIS profiles for the various types of GBs
examined. Data are given as change in atomic composition from the matrix to the
GB. Error bars in the histograms correspond to the standard deviation from the
average.
As previously mentioned, two other GB types were also examined in this study. The
16.4° [23 20 3] random GB was completely susceptible to elemental segregation, which was
made evident by the measured values of Cr depletion (−10.7 at.%) and Ni enrichment
(+25.3 at.%) from the matrix to the GB, shown in Figure 5-4. It also illustrates the segregation
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behavior of the 36.5° [6 -5 -6] GB. This GB misorientation can be classified as a near Σ7 CSL
boundary according to the Brandon criterion; however, it should be noted that although this
boundary is classified as a Σ7, it has a deviation of 3.4° from a true, ideal CSL Σ7 misorientation
of 38.2° [1 1 1]. The measured Cr depletion levels from the matrix (−10.7 at.%) value were
similar to those measured for the 16° GB; interestingly, however, the Ni enrichment was
noticeably lower (only a 17.9 at.% change from the matrix to the GB composition).

5.3.3. Defect–GB interaction strengths for model low stacking fault fcc material*

As mentioned above, the vacancy formation energy profiles along the direction
perpendicular to the GB plane were calculated for four special tilt GBs with a character similar to
those studied in our experiments, and are shown in Figure 5-5. The profiles differ for each GB in
terms of the decrease of the vacancy formation energy from the bulk value (segregation energy)
as well as the width of the GB–vacancy interaction range. It should be noted that the Y-axis scale
for the Σ7 GB differs from the Y-axis scale for other three GBs. For Σ3 incoherent twin and
Σ7 GBs, the GB structure deviates slightly from the Perfect mirror symmetry after the gamma
surface mapping. This deviation is consistent with the relaxed incoherent twin GB structure in Cu
reported by Wang et al. [174]. The resulting vacancy formation energy profile was not perfectly
symmetric across the GB for these two GBs (Figure 5-5b and 5-5c). Similar asymmetry in the
vacancy formation energy profile was also observed near some symmetric GBs in Fe [175]. For
the Σ3 coherent twin GB, the decrease of the vacancy formation energy at the GB was almost
indiscernible, indicating that this GB had almost no interaction with vacancies. For the Σ3
incoherent twin GB, however, the decrease of the vacancy formation energy was substantial. For
the Σ7 GB, the vacancy formation energy decreased significantly at the GB, yielding the largest
segregation energy among the GBs studied. The minimum vacancy formation energy at this GB
was calculated at only 0.26 eV, a value much smaller than that of the bulk, which was 1.27 eV.
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For the Σ51 GB, the maximum segregation energy was found to be similar to that measured for
the Σ3 incoherent twin, but the most striking difference revealed was a much wider GB–vacancy
interaction range than the other GBs. Another interesting phenomenon noted was that many
vacancy sites near this Σ51 GB had higher formation energies than in the bulk, indicating that
these high-energy vacancy sites are not favorable segregation sites. As shown below in Table 5-2,
these high-energy vacancy sites make this GB have less favorable segregation sites per GB area
than the Σ7 and Σ3 incoherent GBs although it has the largest GB width. These results indicate
that the change in GB character results in vastly different interaction strengths and widths, which
could affect RIS behavior.

Figure 5-5: Calculated vacancy formation energy profiles along the direction
perpendicular to the GB plane of four symmetric tilt GBs in a model fcc system –
Cu. (a) 〈1 1 0〉 Σ3{1 1 1} coherent twin; (b) 〈1 1 0〉 Σ3{1 1 2} incoherent twin;
(c) 〈1 1 1〉 Σ7{3 2 1} 38.2°; (d) 〈1 1 0〉 Σ51{1 1 10} 16.09° tilt. Note that the Yscale in (c) is different from other plots.
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Table 5-2: GB-related modeling parameters for the four GBs.
Σ3 coherent
twin

Σ3 incoherent
twin

Σ7
(38.2°)

Σ51(16.09°)

GB energy (mJ/m2)

22

592

880

599

Min. Vacancy formation
energy (eV)

1.26

0.90

0.26

0.82

Max. vacancy segregation
energy (eV)

0.01

0.37

1.01

0.45

GB width for energy 5%
less than bulk value (Å)

0

10.5

7.5

17.1

GB width for energy 10%
less than bulk value (Å)

0

9.88

7.5

13.2

GB width for energy 15%
less than bulk value (Å)

0

7.7

6.9

13.2

0

0.62

0.53

0.58

0

0.44

0.53

0.36

0

0.31

0.49

0.27

Vacancy site per GB area
for energy 5% less than
bulk value (number/Å2)
Vacancy site per GB area
for energy 10% less than
bulk value (number/Å2)
Vacancy site per GB area
for energy 15% less than
bulk value (number/Å2)

A quantitative comparison between the four GBs discussed above is summarized in
Table 5-2, which includes values for GB energy, the minimum vacancy formation energy, the
maximum segregation energy, the GB–vacancy interaction width and the segregation site density
per GB area. For the interaction strength (maximum segregation energy), the Σ7 is strongest and
Σ3 coherent twin is the weakest. The Σ3 incoherent twin and Σ51 GB have modest segregation
energies and their values are similar. It seems that the interaction strength increases with the
increasing GB energy, consistent with the previous study by Bai et al. [142]. The GB–vacancy
interaction width is defined as the range in which the vacancy formation energy decreases by a
certain percentage from the bulk value. Since the threshold value cannot be uniquely defined,
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here three threshold values are used: 5%, 10% and 15%. Cleary, the Σ51 GB has the largest
width. The Σ3 incoherent twin has a slightly larger width than Σ7. The Σ3 coherent twin has a
width of zero. This trend is held for all three threshold values. Another quantity analyzed here is
the segregation site density per GB area where all the sites that meet the energy criterion are
included. This quantity gives some indication of how many potential segregation sites are
available at the GB. Again the same three threshold values are used. However, the trend changes
as the threshold value changes. For the 5% threshold, the Σ3 incoherent twin has the most
segregation site per GB area. But for the 10% and 15% threshold values, the Σ7 GB has the most
segregation site density. The overall trend leans toward the Σ7 having a higher segregation site
density than the other three GBs.
5.4. Discussion
5.4.1. Dependence of RIS on Σ3 GB coherency
The GB simulations show that the Σ3 coherent GB, with the {1 1 1}/{1 1 1} plane
normal, has minimal to no interaction with vacancies (GB energy, vacancy formation and
interaction widths) as listed in Table 5-2. In agreement with these modeling results, our
experimental results revealed limited depletion of Cr in the coherent Σ3 boundaries, which
indicated that this GB is not an efficient defect sink. This agrees with the findings of Han et al., in
which coherent twins showed minimal void denuded zones in ion-irradiated Cu foils [162]. It is
clear, however, that the coherent Σ3 does provide a method to efficiently suppress deleterious Cr
depletion, which is known to be a key factor in IASCC. In the case of heavily irradiated materials,
however, a microstructure designed of a high-density of coherent twins would likely have an
increased hardness due to this inability to promote defect annihilation as a result of the
inefficiency of the Σ3 coherent GB as a defect sink. Therefore, when considering designs for
tailored microstructures, while coherent twins effectively eliminate Cr segregation, they will not
reduce the overall density of irradiation defects and subsequent radiation-induced hardening. The

92
inability of coherent twins to act as point defect sinks would play an even greater role in the
design of nanocrystalline alloys if the microstructure contains a very high density of coherent
twin boundaries, such as the case of nanotwinned copper presented by Demkowicz et al. [176].
In contrast to the coherent Σ3, the incoherent Σ3, with a {1 1 2}/{1 1 2} plane normal,
showed significant Cr depletion and Ni enrichment similar to the levels found in the other random
high-angle GBs. This is a clear indication that incoherent twin boundaries have a sufficiently high
boundary sink strength, rendering them able to interact with irradiation-induced point defects. It
is evident from our simulations of the atomic structure and GB-defect properties (GB energy,
vacancy segregation strength, vacancy formation energy and the GB–defect interaction width)
that these two GBs, the Σ3 incoherent and the Σ3 coherent, have a markedly different response
under irradiation, which was illustrated in our experiments. These observations make a strong
case for the necessary description of the full GB character where anisotropic Cr segregation exists
for the same misorientation value, but with variations in GB plane.
Based on the atomic GB structure, the coherent twin boundary has high atomic fit along
the GB plane while the incoherent twin does not. Methods exist to describe the differences in the
atomic fit between the coherent and incoherent twin GBs, such as describing the grain boundary
structure through structural units (SUs) [175] [32]. Detailed reviews of GB SUs in symmetric and
asymmetric fcc model systems are given by Sutton and Vitek [30,31] and Wolf [177]. For the
coherent twin, the entire GB plane is described by repeating D SUs while the incoherent twin is
composed of both D and C SUs. As described by Rittner and Seidman [178], the D SU can be
closely related to the structure of a Shockley partial dislocation, which gives an illustration of the
high atomic fit of the coherent twin. On the other hand, the incoherent twin, which is composed in
part of C structural units, described by four atoms connected in a diamond shape, has a much
lower atomic fit between the adjacent grains. Overall, this indicates that the incoherent twin GB is
likely more accommodating to irradiation-induced point defects, which is consistent with our
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experimental findings. Moreover, the SU analysis agrees with our calculated vacancy formation
energy and GB energy values, listed in Table 5-2, for the incoherent and coherent twin
boundaries.
5.4.2. Correlation between experimental RIS and atomistic GB-defect calculations
The coupling of simulation and experiment in this study raises the question of how to
properly define GB sink efficiency and strength. It is possible that multiple modeling parameters,
such as the vacancy interaction zone, vacancy formation energy and GB energy, are required to
adequately define how efficient a GB sink would be at attracting and subsequently promoting the
recombination of point defects. Additionally, in this study, the link of molecular statics
calculations in Cu with experimental RIS studies in austenitic stainless steel was carried out, but
it is acknowledged that this simple model system cannot capture the full details of the complex
ternary alloy. For example, the vacancy formation energy may not be a static value in the ternary
alloy because it may change as the GB microchemistry changes. It should also be noted that not
all of the experimentally studied GBs were perfect CSL boundaries, in contrast to those ideal CSL
GBs studied by modeling. Therefore, the modeling work can only provide some qualitative
information about the vacancy–GB interaction and GB-dependent RIS results. However, the
comparison between the modeled and experimental GBs still provided useful insights into GBdefect behavior at different types of GBs and is discussed in more detail below.
An initial indication from the coupled experiment and GB-defect thermodynamic
modeling is that there likely exists a cut-off or threshold value below which the vacancy
formation energy must be for a particular GB structure to accept or accommodate irradiationinduced vacancies (and subsequently RIS). The extreme case supporting this observation was the
behavior of the Σ3 coherent twin, which demonstrated both a high formation energy and very low
magnitude for RIS. The Σ3 incoherent twin and the 16° GB had similar vacancy formations
energies, 0.90 eV and 0.82 eV, respectively, and exhibited similar Cr depletion. For the modeled
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Σ7 GB the formation energy was much lower (0.26 eV), as compared to that of the Σ3 incoherent
twin and 16° GB, but the experimental GB Cr depletion was relatively equivalent. This could be a
qualitative indication that below a particular vacancy formation energy value (threshold value),
RIS at a dose regime that is assumed to be steady state [173] should be equal. In this study of
heavy ion irradiation at 11 dpa, we assume that a steady-state irradiation and RIS condition have
been reached; this notion is supported by the work of Was and Allen [173], who demonstrated
that steady-state RIS in similar ion irradiation conditions is reached at ∼10 dpa. To provide

further evidence of a threshold vacancy formation energy required for RIS, additional GBs would
need to be analyzed with vacancy formation energies between the highest (coherent twin) and
next highest (incoherent twin) values examined in this study. RIS measurements at dose regimes
before a steady state irradiation, and RIS condition, is reached could provide more detail of the
differences in the modeled GB–vacancy parameters and the experimental GB structures.
Interestingly, the vacancy interaction zone (described as the GB width for energy 5% less
than bulk value in Table 5-2) does not show any clear trends that correlate with the resultant RIS
profiles. The 16° GB has a very wide interaction width of 1.7 nm while the Σ3 incoherent and Σ7
have much more modest interaction widths (1.1 and 0.8 nm, respectively). This variation in
interaction width does not correlate to any experimentally measured changes in Cr depletion
levels. As described by the relationship to the vacancy formation energy, the steady state RIS
condition at which these GB were measured could help explain why no trends can be correlated
for the vacancy interaction width values. It is possible that the vacancy interaction width could be
better connected to length of the void denuded zone or at a transient or low-dose regime.
5.4.3. Comparison to current understanding of RIS
One of the primary goals of this research was to determine the level of Cr depletion as a
function of grain boundary type. It is also important to determine how these differences in Cr
depletion with GB character compare to the current understanding of RIS in stainless steel, based
on the large body of work that exists related to this topic (i.e review article by Ardell and Bellon).
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Our experimental findings are consistent with the current understanding of RIS in austenitic
stainless steel in that random high-angle GBs have significant Cr depletion/Ni enrichment. For
example, Etienne et al. [179] reported similar Cr depletion levels in a GB after an irradiation
dose of 10 dpa using 10 MeV Fe2+ at 350 °C in a 316 stainless steel. In this study, however, the
authors did not provide information about the GB character. In addition, there must be caution in
quantitatively comparing RIS studies due to the large number of experimental variables, such as
irradiation conditions and alloy composition and processing parameters. There have been a
number of studies that focused on a range of factors, such as impurity segregation [180],
additions of undersized and oversized solutes [181] and thermal treatments before irradiation
[165]. Unlike those studies, our results presented herein focused exclusively on keeping those
variables constant and thus only examining the role of the GB character on RIS. The findings
presented here specifically highlight the importance of the coherency of the Σ3 GB with respect
to RIS, which was not examined in the previously mentioned studies. More recently, however,
Sakaguchi et al. [161] found a similar result regarding RIS in the Σ3 system with respect to GB
coherency dependence but at a much lower average irradiation dose. Specifically, they found that
coherent twins after proton irradiation to a lower dpa showed no Cr depletion while a nonsymmetric twin showed Cr depletion levels equivalent to a random high-angle GB. In this study,
we build on the findings of Sakaguchi by providing a more detailed analysis of the GB character
and by using a model system fcc to provide insight and atomistic calculations to understand how
vacancies interact with these types of GB structures. Specifically, Sakaguchi et al. did not provide
details about the character of the random GBs analyzed in their study, and also classified the
Σ3 GB as either coherent or asymmetrical, which leads to ambiguity with respect to GB structure
correlation. In our study, the Σ3 GBs are defined with their full GB character as either the
symmetric coherent or symmetric incoherent twin.
Jiao and Was [180] assessed impurity segregation such as carbon, phosphor and boron by
atom probe tomography after proton irradiations in 304 stainless steel and discussed that impurity
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solutes can segregate both during and before irradiation. Similarly, Cole et al. [182] found that
variations in the pre-irradiation heat treatment modified the Cr enrichment seen at GBs before
irradiation in stainless steel. Both studies note that even if Cr or C enrichment exists before
irradiation, Cr always depleted significantly after irradiation. Interestingly, the recent study by
Sakaguchi et al. [161] performed STEM–EDS before irradiation at both a twin and random GB
for a thermomechanically processed grain boundary engineered 316 stainless steel and found no
detectable Cr enrichment. This study has a thermomechanical processed grain boundary
engineered 316L stainless steel which is very similar to that reported by Sakaguchi et al. but with
a shorter anneal time. Therefore, in this study where the RIS profiles were measured on samples
with a similar pre-irradiation heat treatment, it is assumed that any Cr or C pre-irradiation
enrichment that might exist would occur uniformly throughout the GBs or not at all. It should be
noted that Hu et al. [183] showed evidence that the level of Cr and C co-enrichment preirradiation in a ferritic stainless steel (Fe–15Cr alloy) can modify the resultant RIS profiles;
however, the mechanisms of RIS in ferritic and austenitic stainless steels are expected to differ
greatly. Recently, Wharry and Was [184] highlighted the potential crossover between a vacancy
to interstitial-dominated RIS for major alloying elements in ferritic and ferritic/martensitic steel
dependent upon the alloy Cr content and the irradiation temperature, while research from the Was
et al. [73] also revealed that RIS mechanisms in ferritic or ferritic/martensitic steels are in contrast
to the standard vacancy-only inverse Kirkendall model applied to the major alloying elements in
austenitic stainless steels.
5.5. Conclusions
5.5.1. Grain boundary character and twin coherency
The results showed that RIS in GBs is highly dependent upon the atomic structure of the GB.
This was mostly clearly demonstrated by the Σ3 misorientation boundary where changes in the
atomic GB plane from {1 1 1}/{1 1 1} to {1 1 2}/{1 1 2} induced a significant difference in how
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the GB interacts with irradiation point defects and subsequent segregation. To corroborate these
results, the GB–vacancy metrics all indicated large differences between coherent and incoherent
twin GBs. It is expected that other boundaries, such as the Σ11 type that show large differences in
vacancy formation energy and GB energy between symmetric and asymmetric GB planes, should
also experience large changes in the RIS profiles in a similar fashion to the Σ3 type. Based on our
results, one can assume that the introduction of coherent twins into a microstructure provides a
method to suppress deleterious Cr segregation, but does not provide adequate sites for defect
annihilation. Incoherent twins, in contrast, do not provide a method to minimize Cr depletion
(thus likely to not reduce the risk of IASCC) in comparison to coherent twin and acted very
similarly to other random high-angle GBs analyzed in this study.
5.5.2. GB–vacancy interactions
The atomistic modeling of the GBs provided insight into potential important qualitative insight
into the experimentally observed RIS. The nearly equivalent level of Cr depletion seen in the
three GBs – 16.4°, 36.5° and incoherent Σ3 twin – highlights that the GB–vacancy formation
energy may not be a critical factor once a steady state irradiation condition has been reached.
Given that the coherent twin did not show significant experimental RIS on the level of the other
three GBs, it is likely that a threshold vacancy formation value exists for subsequent vacancy
migration to the defect sink for large changes in GB RIS. This threshold formation energy could
be related to the ability of the GB to act as an efficient vacancy defect sink and subsequently
cause substantial RIS.
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CHAPTER 6: Persistent Observation of Oscillatory Radiation Induced Segregation at
Grain Boundaries in High Dose Neutron Irradiated 316 Stainless Steel
Abstract: Radiation induced solute segregation in austenitic stainless steel is a key detrimental
microstructural change experienced in the current generation of light water reactors. In
particular, Cr depletion at grain boundaries can be a significant factor in irradiated assisted stress
corrosion cracking. Therefore, having a much improved knowledge of and mechanistic
understanding of radiation induced segregation at high dose and after a long thermal history is
desired for continued sustainability of existing reactors. Here, we examine a 12% cold worked
AISI 316 stainless steel hexagonal duct exposed in the lower dose, outer blanket region of the
EBR-II reactor by using advanced characterization techniques including atom probe tomography
and analytical electron microscopy. Contrary to existing literature, we observe the stability of an
oscillatory w-shape Cr concentration profile at high dose (31 dpa). The presence of the w-shape
Cr RIS profile is discussed in the context of the localized GB plane interfacial excess of the other
major and minor alloying elements with the key finding of a co-segregation phenomena coupling
Cr, Mo, and C. Further discussion is provided to link the existing study with the wide range of
existing experimental and modeling efforts on solute segregation phenomena in irradiated
austenitic stainless steels.
Note of co-authorship of experimental results*: Distance from center of mass calculation and
atom probe analysis and subsequent Figure 6-5 was completed in Collaboration with
Prof. Peter Felfer, Department of materials science, Friedrich-Alexander-Universität ErlangenNürnberg
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6.1. Introduction:
Austenitic stainless steels are critical structural alloys for both current and future
advanced reactors and therefore understanding the fundamental microstructural and
microchemistry changes are critical to providing predictive long term performance. During long
term irradiation such as 60 years expected in most current light water reactors, a number of
degradation mechanisms including irradiation hardening, irradiated assisted stress corrosion
cracking (IASCC), creep, and phase stability provide significant challenges for alloy reliability
[2,8,67,185,186]. In particular, key microstructural changes include radiation induced
segregation (RIS) and radiation induced or enhanced precipitation. RIS in austenitic stainless
steels can lead to deleterious Cr depletion at grain boundaries (GBs), playing a key factor in
IASCC, while radiation induced or enhanced precipitation can both effect local GB
microchemistry and radiation hardening [67]. Therefore, it is important to have clear and
accurate experimental and modeling agreement on the fundamental mechanisms and observations
of RIS and radiation induced and enhanced precipitation.
RIS occurs in austenitic stainless steels as a result of the preferential interaction between
the interstitial and/or vacancy point defect flux and a particular alloying or impurity element
[179,180,187–190]. Experimentally, in 304 and 316 austenitic stainless steels, Cr depletion and
Ni enrichment is typically observed irrespective of differences in irradiation parameters such as
dose, dose rate, irradiation temperature, and irradiation species. While monotonic Cr depletion is
typically observed in these alloys, there are also observations of a w-shape Cr concentration
profiles at GBs [67,191–197]. The oscillatory w-shape concentration profile is characterized by
depletion of Cr adjacent to the GB but a sharp increase of Cr at the GB plane itself. Typically,
the w-shape profile is a transient profile in which monotonic depletion of Cr is seen at higher
dose. For example, Busby et al. [191] observes a w-shape type Cr concentration profile in a
commercial pure 304 stainless steel at both 0.3 and 1 dpa while a transition to standard v-shape
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Cr depletion is observed at 3 dpa in a 360°C proton irradiation. In addition, other studies have
indicated w-shape profiles are typically accompanied by pre-irradiation GB Cr enrichment
attributed to thermal non-equilibrium segregation (TNES) [182,191,196]. The predictive
formation, stability, accurate modeling, and cause of the w-shape profile are however an active
challenge.
In this study, microchemistry and microstructural changes are examined in a neutron
irradiated 12% cold worked (CW) 316 AISI stainless steel from the outer reflector region of the
EBR-II reactor. Anomalous RIS w-shape Cr concentration profiles are observed in multiple high
angle GBs by atom probe tomography (APT) characterization at high dose (31 dpa). Detailed
quantification of the fluctuation in localized solute composition at the GB plane is analyzed by inplane concentration maps and localized Gibbsian interfacial excess (IE) calculations. The
observed high dose w-shape profile is discussed in the context of current RIS mechanistic models
and existing observations of w-shape and monotonic Cr depletion profiles in austenitic stainless
steels. In addition, APT and analytical electron microscopy (AES) analysis is used to examine
radiation induced and enhanced GB precipitation. Overall, the study provides a new comparison
to existing experimental studies and predictive modeling of long term phase stability,
precipitation, and RIS of austenitic stainless steels under near LWR dose rates, high dose neutron
irradiation.
6.2. Experimental:
Post irradiation examination was carried out on a 12% CW 316 stainless steel from a
Row 10 hex can reflector assembly identified as U9027 from the experimental breeder
reactor II (EBR-II). All samples were examined in the same region, approximated at the core
centerline (near mid-plane) region of the reflector assembly with an estimated dose of 31 dpa,
1.8 x 10-7 dpa/s dose rate, and irradiation temperature range of 390-410°C. The preirradiation history of the 316 heat used in this reflector assembly is unknown including the
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previous thermomechanical processing route prior to irradiation. However, an archived row
9 316 12% CW sample from the same reflector region had a composition of Fe-17.5Cr11.3Ni-2.6Mo-1.2Mn-0.35Cu-0.64Si-0.041C-0.033P [198].
Samples for microstructural analysis were prepared from the reflector assembly block
#3 near the mid-plane by cutting, polishing, and punching 2.3mm diameter disks. The 2.3
mm diameter disks were further electropolished at low temperature with a 5% perchloric acid
in methanol electrolyte without perforation. Electron backscatter diffraction orientation
imaging microscopy followed by GB misorientation site-specific APT and transmission
electron microscopy (TEM) liftouts was carried out in a FEI Quanta 3D FIB-SEM.
Conventional TEM and STEM-energy dispersive X-ray spectroscopy (EDS) analysis was
performed in a FEI Tecnai TF30 at 300 kV. For EDS, only Fe, Cr, Ni, Si, Mo were
considered during analysis. Due to the low intensity counts and lack of quantification Mn, P,
and C are not considered in the EDS measurements. Specific samples were examined in the
TEM before APT experiments using a Hummingbird® tomography TEM holder in a similar
approach as described by Devaraj et al. [199] and others [200–203]. Here, atom probe
samples are thinned at the tip of a half grid sample capable of transfer and analysis between
(S)/TEM and APT. Figure 6-1 illustrates the typical sequence for the combined TEM and
APT analysis performed here.
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Figure 6-1: Overview of experimental method combined TEM/STEM/APT analysis of a 45°
random high angle GB where a-c) indicate three different TEM diffraction conditions, d)
STEM-HAADF image, and E) reconstruction of Fe, Ni, Cr, P ions (left to right).

APT was performed using a CAMECA LEAP 4000X-HR instrument in laser pulse
mode with 200kHz pulse repetition rate with 70pJ laser energy and specimen temperature
between 50 - 55 K. Cameca IVAS® software version 3.6.8 was using for APT data
reconstruction. For quantitative analysis of the GB datasets, a two-step approach is used to
accurately determine the GB position in the atom probe dataset. This is performed by first
creating a manual approximation of the GB in 3D graphics software (www.blender.org) and
then iteratively fitting the model so that the location of the grain boundary is defined by the
highest local density of segregated atomic species. This algorithm (distance to center of
mass, DCOM) is described in detail elsewhere [204,205]. From this model, the concentration
map in Figure 6-5 was calculated. The local Gibbsian IE is determined for specified areas of
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the mesh model, using a cumulative curve of atoms of interest vs. all atoms [204,206]. For
these selected regions of the grain boundary, where exceptionally high or low IE of Mo were
detected, distance vs. concentration histograms (“proximity histograms” [207] were also
calculated.
6.3.Results:
6.3.1 Mesoscale Characterization and Voids:
Orientation imaging microscopy was used to determine the GB character distribution
of the ~31 dpa 316 12% CW sample. Figure 6-2 shows the inverse pole figure colored map
where 35% and 1% of the GB length fraction are Σ3 and Σ9 respectively while the remaining
GB fraction are random GBs. The grain size as measured by grain diameter including twin
boundaries is 24 µm. Figure 6-3a illustrates the characteristic void density and size while
Figure 6-3b indicates the normalized frequency of the void diameter size. The average void
diameter was 14.8 nm while the estimated void number density is ~1.5x1021m-3. The void size
ranged from 5 nm to 30 nm. Swelling due to voids can be estimate from void density and
was estimated to be 0.27%. Void size and densities were measured away from GBs as
regions adjacent to random high angle GBs were observed to have void denuded zones
between 80-120 nm.
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Figure 6-2: Inverse pole figure colored OIM map with grain boundary structure overlaid
(black – random high angle GBs, red – Σ3 CSL GBs)

Figure 6-3: (A) BF-TEM micrograph illustrating size and distribution irradiation induced
voids, (B) normalized frequency distribution of the void diameter

6.3.2 Grain Boundary Radiation Induced Segregation:
RIS was investigated by APT to determine the localized solute distribution at particular
GBs. Figure 6-4 overviews the segregation profile on a 45.3° <12 18 7> random high angle GB
and a coincidence site lattice Σ9 38° <1 1 0> GB respectively. RIS microchemistry results shown
were measured by the GB proximity histogram where the GB plane was defined by the DCOM
methodology described above. It is observed that both GBs have similar segregation phenomena
irrespective of the difference in GB character. The concentration profile indicates Cr RIS has a
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W-shape profile while Ni has a M-shape profile. The Cr W-shape concentration profile illustrates
a decreasing level of Cr to a minimum of ~12.5 at. % as the distance from GB become smaller
before sharply increasing back to ~18 at. % at the GB plane. The Ni M-shape profile is described
as a steadily increase Ni concentration until a slight drop is Ni concentration is observed at the
GB plane. While major alloying elements Cr and Ni have dramatic oscillatory profiles, Fe
indicates simple monotonic sharp depletion at the GB. The minor alloying elements indicate
monotonic enrichment (Si, Mo, C, P, B) and depletion (Mn) at the GB plane. The enrichment of
Mo, P, C, and B at the GB are noticeably sharper (segregation width < 3 nm on each side of GB)
than Fe, Ni, Cr, Mn which have a broader enrichment/depletion profiles (segregation width
approximately 6 nm on each side of GB).

Figure 6-4: RIS profiles for the major (A-B) and minor (C-D) alloying elements for the 45°
random GB (left) and Σ9 CSL GB (right).
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Within the GB plane there is noticeable segregation anisotropy. In particular, Figure 6-5
shows the local concentration map of Mo within the GB plane for the 45° random GB. Figure 65b displays the location of two different regions in the GB plane marked as “low Mo” and “high
Mo” where local proximity histograms, Figure 6-5c, and local IE (Γ) calculations, Table 6-1,
were calculated. The GB region with reduced Mo concentration has a ΓMo = 1.2 at/nm2 compared
to ΓMo = 3.0 at/nm2 in the high Mo concentration region. The magnitude of Cr, C, and B
segregation is also shown to fluctuate in the GB plane. Table 6-1 indicates a negative IE (Γ = 43.1 at/nm2) and a high level of Cr at the GB plane (20 at.%) in the region with higher Mo
concentration. The region with low Mo illustrates a larger magnitude negative IE (Γ = -47.9
at/nm2) and reduced level of Cr (16 at.%) at the GB plane. There is a clear trend of cosegregation between the elements of Mo, Cr, and C: regions locally enriched in Mo are also
enriched with Cr and C while regions locally depleted in Mo are also depleted in Cr and C. The
opposite trend is observed between Mo, Cr, and C with B. Here, regions with increased IE of
Mo, Cr, and C have reduced levels of Boron IE.
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Figure 6-5: (A) Localized Mo concentration (at.%) in the GB plane with colored key legend
from 1 at.% to 4 at.% (B) GB plane mesh with location of the of the meshed low and high
Mo regions used to determine the local proximity histograms and IE values; (C) Local
proximity histogram of the low and high Mo regions from (B) as a function of distance from
GB plane.

Table 6-1: Gibbsian interfacial excess of the various alloying elements in the region with
normal and low segregation of Mo to the GB plane.
Ni

Cr

Si

Mo

P

B

C

High Mo Region

37.2

-43.1

21.3

3.0

2.7

0.50

0.84

Low Mo Region

37.0

-47.9

19.3

1.2

2.8

0.70

0.58

6.3.3 Grain Boundary Precipitation:
Typical GB secondary phases of a Cr rich precipitate and Fe rich ferrite observed by
APT analysis are shown in Figure 6-6. Figure 6-6a indicates the distribution of the various
atomic species while Figure 6b indicates an iso-concentration surface of 40 at. % Cr + C to
highlight the phase boundaries as they are highly curved and not flat. 1-D concentration
profiles are taken perpendicular to austenite/Cr-rich phase and Cr-rich phase/ferrite interfaces
and are shown in Figure 6-6C and 6-6D respectively. The Cr rich phase is likely a M6C (η
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phase) and is primarily enriched in Cr (36 at. %), Ni (21 at. %), Si (14 at. %) and C (10 at.
%). The ratio of C to (Fe + Cr + Ni + Si + Mo) is 0.11 while the ratio of (C + Si) to (Fe + Cr
+ Ni + Mo) is 0.33. The second observed phase is Fe rich (95 at. %) ferrite. At the phase
boundary between the M6C phase and ferrite phase, Mo enrichment is seen to increase to
approximately 4.5 at. %.

Figure 6-6: APT reconstruction of GB precipitates showing (a) atom maps of Fe (pink), Cr
(orange), Ni (green), Si (blue), C (red). (b) Isoconcentration surfaces of 35 at.% Cr (orange)
and 80 at.% Fe (pink) overlaid with atoms to highlight interfaces. (c) 10 nm cylinder 1-D
concentration profile across the carbon-silicide/austenite phase boundary shown in (b). (d)
10 nm cylinder 1-D concentration profile across the ferrite/carbon-silicide phase boundary
shown in (b).

Further verification and typical morphology of these secondary phases along a
random 48° high angle GB is shown in Figure 6-7a from STEM high angle annular dark field
(HAADF) and STEM-EDS, Figure 6-7a.

Figure 6-7b and Figure 6-7c correspond to STEM-

EDS line scans across the carbide and ferrite phases respectively seen in Figure 6a. The
overall composition trends agree between the STEM-EDS and APT for both phases. In
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particular, Fe is shown to be nearly equal at 95% for the ferrite phase via both techniques
while Si is higher in the Cr rich carbide phase in the STEM-EDS than the APT analysis due
in part to the normalized STEM-EDS at. % concentration averaging without consideration of
C.

Figure 6-7: Typical secondary grain boundary phases observed where a) HAADF image
with carbo-silicide (solid line) and ferrite (dash line) are shown; b) STEM-EDS line scan
from (a) indicating Cr, Si, Ni rich phase; c) STEM-EDS line scan from (a) indicating Fe rich
ferrite overlaid

6.4. Discussion:
The combined results which include the void density and observation of Cr rich carbides
and α-Fe along GBs agree with the expected microstructure in 316 type stainless steels at this
temperature, dose, and dose rate regime [185,208]. However, the RIS found at 31 dpa is
inconsistent with previous studies in this dose regime. Below, plausible explanations are
provided for the presence of the w-shape Cr concentration profile observed including cosegregation of multiple elements and binding interaction with impurity elements. In addition, the
presence of the GB secondary phases observed: Cr rich carbides and ferrite are discussed in the
context of the growing experimental and modeling efforts to understand and predict long term
precipitation under irradiation.
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6.4.1 Void Density and Morphology:
The void size, void density, and swelling results are consistent and corroborate with
studies of Allen et al. [209] and Cole et al. [208] from comparable samples taken from the same
reflector region of the EBR-II system. These studies examined separate 316 12% CW reflector
assemblies from the same outer reflector region with samples irradiated from 23 to 51 dpa with
dose rates ranging from 1.3x10-7 to 5.8x10-7 at 375-430°C. The void diameters in these studies
ranged from ~6 nm to ~16 nm while void densities range from 7.3 x 1020 to 7.9 x 1021 m-3.
Therefore, the void size, void density, and swelling observed here at 31 dpa is presented to be
consistent with similarly irradiated dose regime 316 12% CW samples from EBR-II reflector
region.
6.4.2 Persistent W-shaped RIS Profile:
The presence of a high dose w-shape Cr profiles shown above (Figure 6-4 and Figure 65) in multiple GBs at 31 dpa provides a challenge to previous held explanations of these
oscillatory RIS profiles. One common explanation to account for the formation of the w-shape Cr
profile shown in previous literature is TNES pre-irradiation resulting in Cr enrichment
[189,196,210]. Here, the w-shape profile is shown to form in a transient dose regime between 0.1
and 1 dpa which then transitions to a steady-state monotonic Cr depletion profile at higher doses.
TNES Cr enrichment prior to irradiation has been shown to result from either a Cr-vacancy
binding [189,196,211] and/or a non-equilibrium co-segregation phenomena with minor alloying
elements such as C and B [193]. The confirmation of Cr, C, B, and Mo enrichment to GBs
during thermal quenching and air cooling from recrystallization temperatures is confirmed by a
number of APT and field ion microscopy studies [194,212–214]. In addition, Cole et al. [198]
showed using STEM-EDS that a separate unirradiated archive sample of 316 12% CW from the
same EBR-II reflector region as this study showed pre-irradiation Cr and Mo enrichment. It is
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assumed that the 316 12% CW examined in this study likely had similar processing history and
pre-irradiation Cr and Mo GB enrichment as the unirradiated archive sample.
While a link between pre-irradiation enrichment of Cr at GBs has been shown to correlate
to the presence of a transient dose w-shape profile, RIS models indicate that this alone cannot
account for the presence and in particular the mechanism of the w-shape profile. Busby et al.
[191] illustrated the MIK model predicts a w-shape profile at 10-4 dpa and transition to standard
V-shape profiles at 0.01 dpa using the experimental pre-irradiation segregation levels Cr and Ni
profiles in a commercially pure 316 alloy. In addition, Nastar [215] indicates a w-shape profile in
a mean-field simulation can occur with multiple initial boundary conditions at 0.01 dpa and then
transitions to standard v-shaped Cr depletion. The study indicates that the pre-irradiation Cr
enrichment is not critical in the formation of the w-shape profile but instead the thermodynamic
considerations related to the local equilibrium between the GB surface plane and adjacent plane
dictate the oscillatory Cr profile. Current RIS models do not predict w-shape profiles in the
experimentally observed dose regime and therefore cannot adequately provide an explanation for
the observed high dose W-shape profile observed here.
One likely deviation seen in the RIS models from the experimental w-shape profiles is
due to the interaction or co-interaction of additional substitutional alloying and impurity elements
such as Mo, C, P, and B with the major substitutional elements of Ni and Cr. The above models
rely exclusively on the interaction of Fe-Ni-Cr and does not currently account for interactions
with additional species present in 304 or 316 commercial alloys. Simonen et al. [216] has
indicated that the level of pre-irradiation Cr enrichment indicates that the Cr-vacancy complex
binding energy would need to be unreasonably high, suggesting that a co-segregation
phenomenon between Cr and impurity elements such as C and B play a role in TNES. In similar
fashion, Busby et al. [191] and Kenik et al. [193] indicated a binding between Cr and impurity
elements such as C and B could play a role in the formation of the transient w-shape profile and
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subsequent delay until higher dose for monotonic Cr depletion. The enrichment of B and C is
observed in all GBs examined here as shown by the Gibbsian IE in Table 1. This provides further
support that minor alloying elements could play a critical role in the formation and stability of the
w-shape Cr profile. The Gibbsian IE calculations indicate increased levels of C at the GB in
regions with higher Cr levels (smaller magnitude IE). This provides a further link between these
impurity elements and the major solute elements. However, it still unclear what co-segregation
mechanisms exist between Cr and either impurity or substitutional elements from an atomistic
bonding or localized GB interaction standpoint.
The interaction of Mo, being a major alloying element, with Cr has also been considered
an important factor in the formation of w-shape profiles [197]. For example, Busby et al.
indicated the w-shape profile in commercial purity Mo containing 316 stainless steel as being the
most severe and also occurring at the highest dose before transiting to a v-shape profile at 13 dpa
in comparison to both 304 high and commercial purity 304 stainless steels [191,192]. However,
the commercial purity 304, with minimal overall Mo concentration does still show a w-shape Cr
profile during irradiation. Since alloys with minimal (e.g. 304) and significant Mo (e.g. 316) both
exhibit w-shape profiles, the interaction of Mo with Cr is likely a secondary factor causing a
delayed transition dose to monotonic Cr depletion. The results presented, Figure 5 and Table 1,
provide evidence that the controlling segregation for the Cr w-shape profile can also drive the
segregation phenomena of Mo. In this case, regions of reduced Mo excess, correspond to reduced
levels of the Cr w-shape profile and reduced impurity IE of C. It is particularly interesting that
only Cr shows such w-shape profile. Previous RIS studies clearly indicate that Mo, like Cr, is
known to deplete at the GB during RIS. Since it is well accepted that both pre-enriched by a
TNES mechanism before irradiation, it is unclear why only Cr shows the oscillatory w-shape
profile while Mo indicates no w-shape profile.
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The interaction and migration of irradiation induced point defects and solutes with both
GB secondary phases and adjacent secondary phase free regions of the GB could locally impact
RIS measurements. There is likely a competing effect with the point defect fluxes and
subsequent solute fluxes to both secondary phase free regions of the GB and the secondary phase
itself. For example, Allen et al. [217] examined RIS by STEM-EDS adjacent to Cr rich carbides
in a 304 stainless steel neutron irradiated in the EBR-II at 19.6 dpa. The study indicated
decreasing levels of Cr along the GB with increasing proximity to the secondary phase. In
addition, it is observed in literature that the level of Cr is known to deplete at the GB plane
adjacent or near Cr rich carbide phases during thermal sensitization [149]. Therefore, it is
unlikely but unsubstantiated that that the presence of Cr rich carbides along the random high
angle GBs play a significant role in the formation and stability the observed w-shape RIS profiles.
6.4.3 Radiation Induced and Enhanced Phases:
The presence of the Cr-rich M6C precipitate along high angle GBs is consistent with
irradiations of 12% and 20% CW 316 stainless steel from the reflector region of the EBR-II
with similar irradiation dose rate, dose, and temperatures [208,218]. The composition of the
irradiation enhanced M6C type precipitates are Si, Ni rich while thermally aged M6C are
reported with higher Mo concentrations and minimal Si concentration [219,220]. Dong et al.
[194] reports finding a similar Cr, Ni, Si rich precipitates called carbosilicide phases with
nearly matching chemical composition shown in this study along GBs in a 304 stainless steel
irradiated in EBR-II to 28 dpa. The presence of the GB carbides shown in this work are in
agreement with work of Renault et al. [221–223] in which M6C and/or M23C6 carbides form
in stainless steel alloys irradiated in the Phénix fast reactor. They do not distinguish
between the two carbides due to the similar lattice spacing, 10.8 Å vs 10.6 Å respectively. In
addition, although statistical analysis of precipitate density was not completed in this study,
our results are in agreement with recent thermo-kinetic models [224] and previous
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experimental work in 316 from EBR-II [208] that indicate M6C as the dominate Cr rich
precipitate in stainless steel under fast reactor type environments at high dose (> ~20 dpa).
The presence of ferrite, consistent with previous studies [194,225–227], was also
observed by both APT and TEM analysis as shown in Figure 6-7 and Figure 6-8. Ferrite regions
were observed next to the Cr, Si, Ni rich M6C precipitate described above. The localized
enrichment of the austenite stabilizer Ni and subsequent depletion in the adjacent matrix could
provide the necessary nucleation activation to form Fe rich ferrite in the austenitic alloy. In
addition, at the phase boundary between the carbide and ferrite, enrichment to ~ 3 at. % Mo is
observed. It is possible that Mo, known as a ferrite stabilizer, could play an initial role in the
nucleation of ferrite regions.
6.5 Summary and Conclusions:
The objective of this work was to provide detailed and quantifiable analysis of GB secondary
phase and solute segregation in a hexagonal duct 12% CW AISI 316 stainless steel that
underwent long term irradiation in the low dose rate reflector region of EBR-II. The key
findings using advanced characterization techniques of APT and AEM from this work include:
•

The combined use of APT and TEM provide advanced insight into existing RIS
knowledge and radiation induced and enhanced precipitation.

•

We observe anomalous w-shape oscillatory Cr concentration profile after 31 dpa at ~370410°C regime. The Cr profile at this dose regime provides a challenge to existing
justifications of transient dose regime (0.5 to ~3 dpa) w-shape profiles observed in
previous literature. The existence of the w-shape Cr is coupled with Gibbsian IE
segregation of B and C which could indicate a co-segregation or binding energy effect.
The presence at a relatively high dose (31 dpa) provides further justification that the
presence is not exclusively linked to pre-irradiation elemental enrichment and occurs
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exclusively at a transient, low dose regime. Further atomistic modeling is required to
confirm the underlying w-shape Cr concentration mechanism.
•

The segregation of Mo, Cr, and C appear to be linked by a co-segregation phenomenon.
GB plane localized IE values indicate a correlation between the level of Mo, Cr, and C at
the GB plane.
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CHAPTER 7: Grain Boundary Character Dependence of Radiation Induced Segregation in
a Model Ni-Cr Alloy

Abstract: Ni-based fcc alloys are frequently used as critical structural materials in nuclear energy
applications. Despite extensive studies, fundamental questions remain regarding point defect
migration and solute segregation as function of grain boundary character after irradiation. In this
study, a coupled experimental and modeling approach is used to understand the response of grain
boundary character in a model Ni-5Cr alloy after high temperature heavy ion irradiation.
Radiation induced segregation and void denuded zones were experimentally examined as
function of grain boundary character, while a kinetic rate theory model with grain boundary
character boundary conditions was used to theoretically model Cr depletion in the alloy system.
The results highlight major variations in the radiation response between the coherent and
incoherent twin grain boundaries, but show limited disparity in defect sink strength between
random low and high angle grain boundary regimes.

*Note on co-authorship and kinetic rate theory model in Chapter 7:
*Sections 2.2 (Modeling of the kinetic rate theory for Ni-Cr) was completed in collaboration with
Leland Barnard and Dane Morgan at University of Wisconsin. They supplied the calculations
and relevant text regarding the radiation induced segregation model in this sections. The chapter
below is reproduced from the Journal of Materials Research, 2015, DOI:
http://dx.doi.org/10.1557/jmr.2015.34*
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7.1. Introduction:
Ni- based alloys and austenitic stainless steel are frequently used as structural engineering
materials under irradiation and high temperature in current and planned nuclear power systems
[2,8]. After exposure to high temperature irradiation, microstructural changes exist due to the
creation of irradiation induced mobile point defects and defect agglomerations such as voids and
dislocations. The non-equilibrium transport of solute atoms and point defects to grain boundaries
(GBs) is known to cause dramatic changes in the localized solute composition and void
distributions, which factor into irradiation assisted stress corrosion cracking and embrittlement
[2,67,73]. In Ni-Cr based alloys, radiation induced segregation (RIS) to GBs leads to unwanted
Cr depletion at GBs and other point defect sinks. The response of individual GBs to RIS and
other irradiation induced defects, however, is dependent on a number of factors including the GB
structure or character. Therefore, it is important to have a comprehensive knowledge of how
specific types of GBs respond after irradiation to assist in development of enhanced radiation
tolerant materials for more demanding irradiation environments.
GB dependent material response to irradiations and other extreme environments have
garnered extensive research in the past with a number of studies that examine factors related to
both the misorientation angle and GB plane in austenitic stainless steel [158,160,161,228], Cu
[176,229,230], and ferritic martensitic alloys [231,232]. Recently, particular emphasis has been
put on accounting for the variations in GB plane RIS behavior in stainless steels for the Σ3 twin, a
particular low coincidence site lattice (CSL) GB [133,161,233]. The Σ3 coherent twin GB, a
symmetric twin with {111} inclination, has been reported to have little to no Cr depletion.
However, non-coherent Σ3 GBs and specifically incoherent twin GBs, a symmetric twin with
{112} inclination, have shown extensive Cr depletion at the levels of random high angle GBs.
The width of GB void denuded zones (VDZs), regions depleted of voids adjacent to GBs, have
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also shown GB character dependent response [77,176]. Han et al. [162] found significant
correlation between the widths of He irradiation induced VDZs and GB character in Cu at
elevated temperature, indicating variability in GB sink efficiency with misorientation angle and
GB plane [162]. Studies that examine VDZs and RIS on the same GB structure, however, are
missing; these studies would result in a significantly more complete characterization of GB
character response to irradiation damage and are the focus of this work.
Recent computational studies support the importance of GB structure on the evolution of
RIS and behavior of radiation induced defects. Atomistic modeling studies indicate significant
variations in GB energy, vacancy formation energy, and interstitial formation energy as a
function of GB character [91,142,163,175]. For example, Bai et al. [142] highlights the overall
bias for GB absorption of interstitials compared to vacancies and indicate that different atomic
GB structures, variations in tilt and twist character, can have different interactions with pristine
and interstitial loaded GBs. In addition, to predictively understand RIS, recent studies have
undertaken ab initio based rate theory modeling of RIS in model Ni-Cr alloys, an approach that
accounts for both vacancy and interstitial defect-solute interactions [10,74,75]. These models
build on existing rate theory models that rely on experimental fitting and the assumption of
vacancy dominated behavior [71,73,167]. The results, accounting for both self-interstitial
diffusion and vacancy diffusion of Ni and Cr which are consistent with ab initio energetics,
provide a good agreement with experimental RIS in a model Ni-18Cr alloy [10]. In addition,
Field et al. [231] compared similar ab initio based rate theory modeling with GB character
dependent boundary conditions to experimental results in a proton irradiated Fe-9 wt.% Cr alloy.
The excellent agreement between experiments and ab initio based models found by Field et al.
indicate that GB character can account for variations in the level of Cr segregation seen
experimentally.
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In this study, a direct evaluation of experimental and ab initio based rate theory modeling
of RIS with GB character variations is explored in a model Ni-5Cr alloy. The study provides an
important step in developing predictive rate theory models that can account for GB character
dependent RIS and other radiation induced phenomena such as VDZs. The experimental
observations of the RIS and VDZ in this study reveal a significant dependence on GB plane in the
Σ3 twin GB structure.
7.2. Material and methods:
7.2.1 Experimental methods:
A Ni-5Cr binary alloy was used as model alloy with the nominal composition (given in
wt. %): 94.94 Ni, 5.0 Cr, 0.01 Si, 0.005 S, <0.005 P, 0.01 Co, with remaining impurities in the
ppm range or less. The alloy was thermomechanically processed from the as-received condition,
which consisted of a 25% rolling reduction, followed by a 1050°C, 1 hour solution anneal and
water quench. Electron backscatter diffraction (EBSD) was used to determine the GB character
distribution of the Ni-5Cr alloy; a representative microstructure is shown in Figure 7-1. The
average grain size diameter with twin boundaries included is 145 µm. Low CSL GBs such as the
Σ3 twin boundary were calculated using the Brandon criterion [24]. The Σ3 GB plane normal
was assessed using the in-plane angle of Σ3 GB line traces as described by Randle [134] and
automated in the EDAX-TSL orientation imaging microscopy (OIM) 6.1 software. Heavy ion
irradiations were completed at Sandia National Labs Ion Beam facility using 20 MeV Ni4+ ions at
500 ± 10 °C to a fluence of 1.9 x 1016

ions
.
cm2

This temperature was chosen to compare to literature

in which 500°C is the most common temperature used for RIS studies in Fe-Ni-Cr alloys for Ni
ion irradiations to model neutron irradiation phenomena [67,173]. The irradiation damage
conditions were determined using the quick Kinchin-Pease calculation in SRIM 2013 with a 40
eV displacement threshold energy and 0 eV lattice binding energy for both Ni and Cr [234]. The
resultant damage profile as function of depth is shown in Figure 7-2. At a cross-sectional depth
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of 1µm, the corresponding displacement per atom (dpa) was 3.4. The depth of 1 µm is examined
in this study to minimize any potential injected interstitial effect with the heavy Ni ion irradiation
[235] and have the same dose across all samples for both the RIS and VDZ measurements.
Following irradiation, EBSD was used to locate specific GBs for RIS measurements while a FEI
Strata Dual Beam 235 SEM-FIB was used to prepare GB character specific cross-sectional
transmission electron microscopy (TEM) samples with an estimated thickness between 80 and
100nm.

Figure 7-1: Inverse pole figure colored orientation map illustrating coarse grain
microstructure of the thermomechanically processed Ni-5Cr alloy; GB segments are
overlaid and shown by color where high angle GBs are colored by black lines, low angle
GBs are colored by purple lines, and Σ3 GBs are colored by red lines; scale bar is 400 µm
while bottom right inset indicates color code for inverse pole figure.
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Figure 7-2: SRIM based calculation of damage (dpa) verse target depth (µm) for the
ions
examined fluence of 1.9 x 1016 2 in the bulk Ni-5Cr 500°C irradiation.
cm

Scanning TEM (STEM)-energy dispersive X-ray spectroscopy (EDS) line profiles to determine
RIS on different GB characters were completed using a Phillips CM200 TEM/STEM with a
EDAX-EDS detector at 200kV, ~1.2 nm full width, half maximum probe size. To provide an
overview of the GB microchemistry, a minimum of 6 line scans per GB were completed on each
GB character examined where GBs were edge-on to the incident electron beam. Two separate
GBs were used in scenarios in which full GB character could be confirmed such as the coherent
and incoherent twins. For all GB line scans analyzed, scans were completed within ± 0.25 µm of
the 1um cross-sectional targeted depth. The Cliff-Lorimer equation with experimental k-factor
values was used to determine the composition in wt.%. of Ni and Cr (Ni + Cr =1) [136]. VDZs
were determined for the same GBs examined by STEM-EDS by measuring the region without
voids adjacent to GBs in bright field TEM micrographs. Voids were imaged using an underfocused bright field TEM condition, while the VDZ was assessed at the same cross-sectional
depth as the RIS measurements, 1 µm.
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7.2.2 Ni-Cr rate theory model method:
RIS was studied theoretically by an approach analogous to that of Field et al. [231],
which was based upon the rate theory description of RIS developed by Wiedersich [68] with
modified boundary conditions of Duh et al. [76]. Briefly, this approach is based upon solving
coupled one dimensional diffusion equations, Eq. 7-1 of the following form:
dCm
dJ
=− m
dt
dx
dC p
dJ
= K 0 − ∑ K loss − p
dt
dx

Eq. 7-1

where Ci and Ji are the concentration and flux of component i as functions of time t and position
x. The subscript m refers to metal species (Ni or Cr) and p refers to point defect species (vacancy
or interstitial). The term K0 is the net production rate of point defects and the summation over the
Kloss terms account for the loss of point defects by mechanisms such as mutual recombination and
annihilation at sinks other than grain boundaries (e. g., dislocations). A complete description of
these terms can be found in Field et al. [231] and Barnard et al. [10]. The fluxes in Eqn. 7-1 are
evaluated by the following expressions:

J Ni = −d vNi [C v ∇C Ni − C Ni ∇C v ] − d iNi [Ci ∇C Ni + C Ni ∇Ci ]

J Cr = −d vCr [C v ∇CCr − CCr ∇C v ] − d iCr [Ci ∇CCr + CCr ∇Ci ]
J v = d vNi [C v ∇C Ni − C Ni ∇C v ] + d vCr [C v ∇CCr − CCr ∇C v ]

Eq. 7-2

J i = −d iNi [Ci ∇C Ni + C Ni ∇Ci ] − d iCr [Ci ∇CCr + CCr ∇Ci ]

where dpm is the diffusion coefficient of metal species m via diffusion mediated by point defect of
type p.
While the boundary conditions in conventional Weidersich-type RIS models typically
treat one boundary of the system as an ideal defect sink, the Duh boundary conditions represent
the sink boundary as a GB characterized by a tilt angle and a GB energy. These two parameters
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determine the strength of the sink: high angle, high GB energy GBs behave as strong sinks and
result in large RIS values, while low angle, reduced GB energy GBs are weak, inefficient sinks
which lead to more mild RIS. One exception in this work to the boundary condition used in the
Duh model was made for the Σ3, 60°<111> GB. The model of Duh treats this GB as a special,
low energy twin boundary that behaves similarly to a low angle GB. However, both coherent and
incoherent Σ3 GBs were observed in this work. The Duh condition was applied for the coherent
Σ3 GB, however, incoherent Σ3 GBs exhibit boundary energies that are comparable to general
high angle GBs. Therefore, the incoherent Σ3 GB was treated as a general high angle GB in the
Duh model, rather than as a special low angle boundary. A tilt angle of 50° was chosen for this
boundary for use in the model calculations, as the model gives nearly identical results for all
general high angle boundaries above about 15°. For misorientation angles above this value (with
the exception of specific special CSL boundaries), the grain boundary energy and density of
defect annihilation sites are high enough that the boundary behaves as an ideal sink. Thus, for all
such boundaries, the ideal sink boundary condition behavior is observed and RIS is insensitive to
the specific grain boundary angle in this regime. The boundary condition treatment allows the
results of the RIS model to be compared to RIS measurements at different GBs in the real
material. A modeled electron probe signal was convolved with the simulated concentration
profiles to enable the most accurate comparison to the experimental profiles, using the same
settings and approaches as done in Field et al. [231].
Field et al. [231] applied this modeling approach to RIS in Fe-Cr. Therefore, to model
RIS in the Ni-5Cr alloy that is the topic of this study requires a set of model parameters
appropriate for the Ni-Cr system. These parameters are summarized in Table 7-1. RIS is
predominantly determined by the relative diffusivities of the alloy species by the vacancy and
self-interstitial mechanisms, appearing in Eq. 7-1. In this study, the Ni and Cr vacancy
diffusivities were taken from experimental measurements [236], while the interstitial diffusivities
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were taken from first principles-based molecular dynamics simulations following the work of
Barnard et al. [10]. Cr is a faster diffuser than Ni by both the interstitial and vacancy
mechanisms, however the bias is greater for the vacancy mechanism, which results in Cr
depletion by RIS. The effect of interstitial diffusion is to partially counteract the vacancy effect,
resulting in milder total segregation. The GB sink was implemented using GB energies in pure
Ni as a function of boundary angle calculated via molecular dynamics simulations by Rittner and
Seidman [178] with the exception of the angle-axis pair of Σ3 twin, 60°<111> GB, which were
obtained from the results of Olmsted et al. [29]. The parameters in this model are independent of
any RIS measurements; comparisons with experimental measurements are therefore entirely
independent of predictions.

Table 7-1: RIS model input parameters.
Parameter
Pre-exponential factor for Ni interstitial diffusivity
Pre-exponential factor for Cr interstitial diffusivity
Pre-exponential factor for Ni vacancy diffusivity
Pre-exponential factor for Cr vacancy diffusivity
Activation energy for Ni interstitial diffusivity
Activation energy for Cr interstitial diffusivity
Activation energy for Ni vacancy diffusivity
Activation energy for Cr vacancy diffusivity
Vacancy formation energy
Interstitial formation energy
Lattice parameter
Grain boundary defect migration attempt frequency
Grain boundary diffusion correlation factor
Ion irradiation defect production efficiency

Value
5.04×10-8 m2/s
3.20×10-7 m2/s
1.85×10-4 m2/s
2.26×10-4 m2/s
0.30 eV
0.37 eV
1.16 eV
1.10 eV
1.79 eV
4.0 eV
3.52 Å
5.0×1012 Hz
0.5
0.04

Reference
[10]
[10]
[236]
[236]
[10]
[10]
[236]
[236]
[237]
[238]
[238]
[76]
[76]
[65]
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7.3.0 Results:
7.3.1 Radiation induced segregation as function of GB character:
RIS profiles reveal notable variations in Cr depletion and Ni enrichment as function of
the GB character at 3.4 dpa. The most apparent difference is in the observed change in Cr
depletion levels in the Σ3 GB as a function of inclination of the GB plane. Figure 7-3 highlights
the large disparity in GB Cr concentration between the Σ3 coherent twin, {111}/{111} GB plane
normal, and the Σ3 incoherent twin, {112}/{112} GB plane normal. The coherent twin has a GB
Cr depletion level of 3.7 ± 0.3 wt.% Cr compared to 2.0 ± 0.2 wt.% Cr for the incoherent twin.
These values correspond to 1.2 wt.% Cr and 3 wt.% Cr depletion at the coherent and incoherent
GBs respectively, which is between a factor of two to three times more depletion in the
incoherent vs. coherent twin. In addition to these two Σ3 symmetric tilt GBs, a third GB is
considered which has a Σ3 CSL relationship but is highly deviated from the ideal 60° <111> Σ3
relationship. This GB shows a higher degree of Cr depletion compared to either the coherent or
incoherent twin as highlighted in Figure 7-3. The 58.8° <14 17 12> GB is considered a Σ3 GB
using the Brandon criterion for CSL GBs but has a deviation of 8.2° from the ideal Σ3
misorientation. The level of Cr depletion seen in this highly deviated Σ3 is consistent with Cr
depletion typically found in random high angle GBs.
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Figure 7-3: Experimental (black) and overlaid model (solid orange line) RIS profiles of (a)
Σ3 coherent GB, (b) Σ3 incoherent GB, (c) 58.8<15 11 12> Σ3 GB with deviation of 8.2°
from the ideal misorientation.

In addition to the Σ3 GBs measured, six other low and high angle GBs were examined in
this study and are shown in Figure 7-4. At this irradiation dose, the results indicate only small
differences between different high angle GBs and between the low and high angle GB regime.
Figure 7-4 highlights the level of Cr depletion as a function of misorientation angle, which overall
indicates a range of Cr depletion from 1.2 % to 2.0% for all low and high angle GBs except the
coherent twin. Due to this consistent RIS range, which varies by only 0.8 wt. %, it appears there
is minimal difference in Cr depletion between low angle and high angle GBs examined in this
study at 3.4 dpa.
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Figure 7-4: Variation in Cr wt. % concentration at the GB as function of misorientation
angle where bulk composition of Cr in matrix is 5.0 wt.% Cr; The black line indicates the
expected theoretical RIS Cr GB composition based on the rate theory model approach while
the red dashed line accounts for Σ3 coherency.

7.3.2 Void denuded zones as function of GB character:
In parallel to the Cr depletion levels, Table 7-2 provides VDZs for each of the examined
GB characters. The coherent twin shows effectively no VDZ, as is highlighted in Figure 7-5a,
while the incoherent twin, shown in Figure 7-5b, indicates an average VDZ of 129 nm. The large
difference in VDZ between the {111} and {112} symmetric tilt GB planes follows the same trend
as the Cr RIS measurements. The effective zero VDZ of the coherent twin boundary is an
indication of a weak sink for vacancies as compared to the incoherent twin GB. Figure 7-5c and
Figure 7-5d also highlight the large VDZ seen in the 58.8° highly deviated Σ3 GB and the 6.2°
random low angle GB respectively.
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Table 7-2: Void denuded zones measured in all the experimental GBs where average region
free of voids were determine on both sides of the grain boundary.
GB Character
60° <111> {111} Σ3
60° <111> {112} Σ3
58.8° <14 17 12>, Σ3
Dev=8.2
59.0° <13 11 18>
56.6° <15 8 13>
47.1° <8 15 11>
14.2° <19 18 1>
6.1° <17 16 14>

VDZ Grain 1
0
121

VDZ Grain
2
0
136

VDZ Avg.
0
128

100
196
156
199
170
148

130
114
135
75
100
117

115
155
145
137
135
132

Table 7-2 also provides the VDZ behavior of the other random low and high angle GB. There
appears to be no significant trend as a function of misorientation angle for the random GBs.
Although no trends with misorientation angles are observed, the VDZ is asymmetric with respect
to most of the GBs. The highest variation is seen in the 47.1° <8 15 11> where one side of the
GB has VDZ of 75nm and the other is 199nm. Other large asymmetric VDZ behavior is seen
with the 59°<13 11 18>, 14°<19 18 1>, and 6.1° <16 17 14> GBs.
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Figure 7-5: Void denuded zone in (a) coherent Σ3, (b) incoherent Σ3, (c) 58.8° highly
deviated Σ3, and (d) 6.2° random low angle GB; orange dashed line indicate location of
grain boundary while arrow indicates estimated void denuded zone at 1um cross-sectional
depth

7.3.3 Model Cr depletion versus experimental Cr depletion:
Fig. 7-4 compares the model predicted and experimentally measured Cr segregation
profiles at three different GBs described in detail in Section 3.1. The boundary depicted in Fig. 74a is a coherent Σ3 boundary. This boundary has a low enough energy or interaction with
vacancies that it behaves as an inefficient defect sink. Consequently, RIS is reduced at this
boundary. The GB model of Duh et al. [76] captures this effect well and the model predicted RIS
profile shows good agreement with experimental measurement. In contrast, the angle of the
boundary in Fig. 7-3b also corresponds to a Σ3 boundary, however it exhibits a grain boundary
plane of an incoherent twin and is modeled differently from the coherent Σ3 boundary, as
described in Sec. 2.2. In both the model and experiments this GB appears to be a much more
efficient defect sink than the coherent Σ3 boundary in Fig. 7-3a and therefore exhibits a much
larger Cr depletion. Finally, the boundary depicted in Fig. 7-3c is close to a Σ3 GB, however it
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exhibits an 8.2 deviation from the ideal Σ3 misorientation. Therefore, even though the CSL
notation as determined from the Brandon criterion labels the GB as Σ3, the large deviation
indicates it is not a coherent twin. Similar to the incoherent Σ3 boundary in Fig. 3b, this
boundary is a highly efficient defect sink which gives rise to a large RIS response. This GB type
can be reasonably well characterized by the Duh model by treating it as a high angle GB that is
8.2° deviant from the 60° Σ3 condition, and the predicted Cr segregation profile shows reasonable
agreement with the experimental measurement.
In comparison of all the experimental RIS profiles with rate theory model, the RIS model
generally seems to underestimate the RIS (see Figure 7-4). The error is less than 1 wt.% on
average for the high angle GBs but becomes more than 1.5 wt.% for the 6.1° case, where the
model predicts a strong reduction in RIS that is not observed in this low angle GB. The origin of
this discrepancy is not clear, but it appears that the model reduces the sink strength at too high an
angle compared to experiment (see further discussion in Sec. 4.2). As mentioned above, the
model does an excellent job predicting the very low RIS for the Σ3 twin system.
7.4 Discussion:
7.4.1 Role of Σ3 twin boundary plane in void denuded zone and Cr depletion:
The Σ3 GB is a special case regarding anisotropic GB response to irradiation damage as
indicated by the variation in Cr depletion and VDZ. It is clear based on both the Cr depletion and
VDZs that the coherent twin is a defect sink with very low efficiency. However, the incoherent
twin is comparable to random high angle defect sink efficiencies. The low and high sink
efficiencies for the coherent and incoherent twin respectively can be related to the large variations
in GB energy and are accounted for in the kinetic rate theory model. The weak interaction of the
coherent twin boundary with point defects is supported by the inability to form a VDZ. Figure 7-6
provides a schematic of how the GB strength and vacancy point defect concentrations near the
coherent and incoherent twin boundaries relate to the VDZ. At all distances away from the GB
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plane, there are observed voids near the coherent twin, and therefore the concentration of
vacancies is above the threshold to nucleate and grow voids near this GB. On the other hand, the
incoherent twin has an average VDZ of 120nm (Table 7-2). At distances below 120 nm, the
steady state concentration of vacancies is below the threshold to nucleate and grow voids over the
time scale of the experiment.

Figure 7-6: Schematic illustrating variation in vacancy concentration between coherent and
incoherent twin Σ3 GBs.

Although the observation of no VDZ would indicate the coherent twin does not interact
with vacancies, the Cr depletion at this GB structure would indicate that this GB structure can
interact with vacancies. RIS is well-known to be linked to a preferential interaction between the
vacancy defect flux and the Cr flux as shown by ab-initio calculations of Barnard [10] and
discussed in Section 2.2 Ni-Cr rate theory model method. Therefore, the coherent twin is a
classified as a weak sink but still has a discernible interaction with irradiation enhanced point
defects based on the Cr depletion at the GB from 5.0 wt.% to 3.7 wt.% after irradiation. Recent
studies have also indicated the ability of the coherent twin GB to interact with defect clusters
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during irradiation. Yu et al. [239] used in-situ Kr ion irradiation in the TEM to observe both
defect clusters being absorbed by coherent twin boundaries and the irradiation induced migration
of twin boundaries in nanotwinned Ag. In a related study in nanotwinned Ag, Yu et al. [240] also
observed the removal or annihilation of stacking fault tetrahedra by coherent twin boundaries.
They also show that the resultant interaction of stacking fault tetrahedra with twin boundaries
which may rely on twin boundary migration create a high density of stacking faults adjacent to
the twin boundary. The study indicates a possible mechanism related to the formation of
incoherent twin boundary segments at the location of these stacking faults. These recent studies
provide evidence that the coherent twin boundaries can interact point defect clusters during
irradiation but further experimental and modeling investigation is needed to link this behavior
with vacancy and Cr and Ni solute interactions at this GB structure.
In addition to the coherent and incoherent twin boundaries examined, the heavily
deviated from ideal Σ3 misorientation GB behaves similar to random high angle GBs. The high
angular deviation from the ideal misorientation of 8.2° is near the maximum cut off criterion of
8.6° for the Σ3 system using the Brandon criterion. The Brandon criterion, ΔΘ = 15°Σ3-0.5,
provides a large range of GBs to be classified as a Σ3 [16]. More restrictive criterion such as the
Palumbo-Aust, is recommended such that these highly deviated GBs are not categorized as Σ3
GBs [32]. The 8.2° deviation from the ideal misorientation for this grain boundary, 58.8° <14 17
12>, indicates a significant amount of secondary dislocations in the GB if classified as a Σ3 GB.
This is a larger angular misorientation than what is seen in the low angle 6.1° GB examined in
results, which showed both high Cr depletion and large VDZs.
The variation of Cr depletion and VDZ with the coherent and incoherent symmetric tilt
Σ3 GBs is a key indication of the large difference in atomic structure of these two GB structures.
The coherent twin boundary has an extremely low GB energy compared to almost all other GBs.
In pure fcc Ni, Olmsted et al. [29] calculated the GB energy of the coherent twin to be 64 mJ/m2
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while the incoherent twin is 879 mJ/m2. It is clear that there is a link between the high atomic fit
GB structure and energy of the coherent twin and the resultant minimized RIS and zero effective
VDZ. Previous studies have also indicated this link between the coherency of the Σ3 GB
structure and radiation induced phenomena [133,161,162,241]. Sakaguchi et al. [161] and Barr et
al. [133] indicated that the level of Cr depletion is minimized at the coherent twin GB while the
non-coherent twin GBs show similar Cr depletion as random high angle GBs in 316L stainless
steel. While Han et al. [162] provided evidence of the variation in VDZs between coherent and
incoherent twins in Cu after helium irradiation. Han et al. also find that the coherent twin GB in
Cu has a zero effective VDZ, which is similar to the result found herein for the Ni-5Cr Σ3
coherent twin boundaries.
7.4.2 Low angle and high angle GB classification regimes for RIS and VDZ prediction:
The model and experiment notably vary in the random high and low angle regime. First,
at the reported 3.4 dpa, experimentally, the low and high angle GBs have similar Cr depletion.
Therefore, the rate theory model, which has boundary conditions to account for assumed lower
sink efficiency for lower energy, low misorientation angle GBs, diverges from the experimental
findings. Based on the divergence in this case of the model and experiment, it would indicate that
a model with sink strength boundary conditions to assume low angle GBs have reduced sink
strengths compared to high angle GBs is unsuitable. Although random low angle GBs typically
have lower GB energies as compared to random high angle GBs, it is apparent that GB energy or
misorientation angle is an insufficient criterion to fully characterize the interaction of point
defects with GBs and subsequently the GB sink strength or efficiency for low angle GBs. This
interpretation of the RIS modelling and experimental results (Figure 7-3 and Figure 7-4) are also
supported by the large VDZ seen in the low angle GBs: 133 nm and 135 nm for the 6.1° and
14.2°GBs respectively. Duh et al. [76] and Watanabe et al. [158] in 300 series stainless steel
have previous indicated that lower angle GBs showed less Cr depletion, which supported the

134
initial methodology of rate theory model. However, the reported dpa values were lower than this
study and with different irradiation species, dose rate, temperature, and alloy system.
To support the observation that GB energy or misorientation angle is an insufficient
criterion to determine a low angle GB sink strength, a number of early studies have also found
very little evidence for significant changes in sink strength down to quite low GB angles of just a
few degrees of misorientation [242–244], as summarized in Jiang et al. [245]. Seigel et al. [244]
highlights the lack of variations in GB sink strength in quenched Au from high temperature by
measurement of stacking fault tetrahedra free zone adjacent to GBs. They show that aside from
the poor defect sink for the special Σ3 coherent twin GB, little variation is seen between various
high and low angle GBs. More recently, in a study by Han et al. [162], VDZ in He+ irradiations
of Cu appear to indicate that a 15° GB has similar VDZ as GBs with misorientations in the high
angle misorientation regime. These studies would agree with the observed similarities in the VDZ
seen in the experimental high and low angle GBs in this work. One possible reason for the
absence of the expected reduction in sink strength for small GB angles are GB strain effects,
which are not included in the Duh model approach and have recently been suggested by Jiang et
al. [245], using numerical and analytical models, to reduce the influence of GB angle on sink
strength. Jiang et al. highlights that the sink strength of symmetric tilt low-angle GBs in pure Cu
can be higher than high angle GBs. The inclusion of these strain contributions into RIS models is
an area for further investigation. In addition, it is likely important to have the distinction of sink
efficiencies for point defects depending on the ratio of tilt to twist character in the LAGB. In this
case of pure tilt GBs consisting of edge dislocation should be very efficient point defect sink as
all the dislocations can climb together. In the case pure twist GB consisting of screw
dislocations, the point defect sink efficiency might be very much less due to the increase in GB
energy upon absorption of vacancies. Furthermore, Tschopp et al. [175] have also indicated that
lower energy GBs such as low angle GBs do not correlate necessarily with a higher defect,
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vacancy or interstitial, formation energy in a molecular statics simulation of the interaction of
vacancies and interstitials in pure Fe. It is apparent that GB energy or misorientation angle is
insufficient to completely determine sink strength. GB-defect interactions such as vacancy
formation energy and local strain accommodations are needed to more accurately understand and
model sink strength. Overall, the VDZ and RIS experimental results highlight an insensitivity to
GB misorientation character amongst the random low and high angle GBs.
7.5 Conclusions:
•

RIS and VDZ experiments emphasize major variations in the radiation response of the Σ3
GB coherent and incoherent twin GBs. The coherent twin has a very low sink strength
while the incoherent twin behaves in similar fashion to random GBs.

•

Variations in irradiation response in the Σ3 GB are clearly linked to the variations in the
atomic structure differences between the low GB energy coherent twin and high GB
energy incoherent twin.

•

Kinetic rate theory model with boundary conditions accounting for the differences in the
Σ3 GB plane reasonably match experimental RIS for the Σ3 coherent and incoherent
twins.

•

The rate theory model underestimates the Cr depletion in general, and in particularly
predicts a stronger reduction at low GB angle than observed.

•

RIS and VDZ measurements indicate little differences in defect sink strength at low and
high angle GBs. This indicates the overall insensitivity to misorientation angle for GB
character dependent irradiation damage while indicating additional defect-solute
interaction phenomena are needed such as vacancy formation energy or localized GB
strain effects.
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Chapter 8: In-situ TEM examination of microstructural evolution of coarse grain and
severe plastically deformed ultrafine grain model Ni-Cr alloy.

Abstract:
Ultrafine grain materials with grain sizes less than 1000 nm has garnered extensive interest in
nuclear energy applications with the potential to reduced radiation damage because of the
inherently high fraction of GBs. A number of recent studies have indicated that these high defect
sink materials can provide increased radiation tolerance including minimized void and bubble
size and density, reduced irradiation induced dislocation size and density, and reduced deleterious
secondary phase precipitation. The exploration of bulk prepared nanocrystalline and ultrafine
grain materials in nuclear applications is still limited. Direct evidence on how the irradiation
induced defect microstructure interacts with the heavily deformed grain boundaries in severe
plastically produced alloys is desired to understand the underlying mechanism. In-situ TEM
irradiations were completed in this study to understand the dislocation-GB interaction and
dislocation size and density evolution between a coarse grain and ultrafine grain model Ni-Cr
alloy.
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8.1. Introduction:
Ni-Cr based alloys such as Alloy 690, Inconel 718, Inconel X-750, and PE16 are
extensively used in both current light water reactors and planned future nuclear reactors because
of their overall high corrosion and creep resistance [246]. However, Ni alloys are susceptible to a
number of irradiation induced degradation mechanism including irradiation swelling,
embrittlement, and reduced creep resistance [2]. Therefore, it is important to provide new
microstructural development avenues for improved irradiation response. One avenue to tailor the
microstructure is the reduction in grain size to the nanocrystalline and ultrafine grain (UFG)
regime. The study of nanocrystalline (grain size <100 nm) and UFG materials (grain size <1000
nm, >100 nm) has garnered extensive interest in a wide range engineering alloys with the
potential to reduced dislocation density and/or size [11,78,79,85,88,247], void and/or He bubble
density, [11,78,83,86,248] , and secondary phase precipitation [11]. The improved properties are
linked to the inherently high fraction of grain boundaries (GB) and subsequently higher density of
defect sink sites. Subsequently, it is critical that the fundamental understanding of how
irradiation induced dislocations interact with GBs under irradiation both in coarse and UFG
regimes is explored. Recent literature has extensively examined the nanocrystalline under
irradiation by thin film deposition routes while significantly less has been reported in the UFG
regime.
Singh and Foreman in the 1970s [86] indicated reduced void swelling in austenitic
stainless steels with grain sizes below 1 µm. This study provided early motivation to examine
UFG materials for advanced reactor alloys. However, due to the difficulty and scalability of
severe plastically deformation (SPD) routes to produce bulk materials with nanocrystalline or
UFG materials, there is limited experimental research in this regime.

Song et al. [78] examined

UFG ferritic-martensitic T91 with heavy Fe ions at 450°C and indicate a reduced density of both
irradiation induced dislocation loops and nanocavities compared to traditional coarse grain (CG)
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T91 condition. Alsabbagh et al. [87] examined variations in mechanical and microstructural
properties between equal channel angular pressing (ECAP) and CG ferritic low carbon steel after
neutron irradiation. The study indicated the ECAP steel had minimal radiation induced hardening
in comparison to coarse grain low carbon steel. The study however did not examine in detail the
dislocation density before and after irradiation in either sample condition by conventional TEM
defect analysis methods. Recently, Sun et al. [249] observed reduced swelling and density of
irradiation induced M23C6 precipitation in a UFG 304L stainless steel in comparison to coarse
grain 304L after irradiation at 500°C to 80 dpa with Fe ions. They report moderate grain growth
from an average grain size of 100 nm to 200 nm after irradiation. These irradiation studies in
bulk processed UFG regime provide motivation to examine the irradiation induced
microstructural evolution using in-situ TEM irradiations.

The experimental studies above indicate an enhanced radiation tolerance of reduced defect size
and density for either voids or dislocations. Molecular dynamic and other modeling efforts have
provided further insight into the mechanism of enhanced radiation tolerance in the nanocrystalline
grain size regime. Samaras et al. [12,89,90] examined the evolution of irradiation induced
cascades in both nanocrystalline Ni and Fe. These studies provided indication that interstitials
preferential migrate to tensile stress regions along the GBs after cascade events while ultimately
led to them being absorbed by the excess free volume in the GB structure. Bai et al. [91] also
illustrated a possible mechanism related to the unloading of interstitials from the GB to annihilate
vacancies in the grain interior. This type of process would have a more important role with a
reduction in grain size and subsequent increase in GB density. Other recent models indicate the
importance of point defect and point defect clusters during the absorption inside the GB [92,93].
These studies indicate that the GB structure can change over long term irradiation and that sink
efficiency is a dynamic term dependent on the irradiation dose. Furthermore, the simulations
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show that GB sink efficiency for point defects and small point defect clusters is limited by
mobility kinetics of the defect within the GB structure.
In this study, we present in-situ TEM irradiations of bulk produced SPD UFG and CG
model Ni-Cr alloy at 500°C. The high temperature irradiations in both UFG and CG led to the
development of large Frank and Perfect dislocation loops at 1 dpa. In the UFG condition, the
overall size of the large dislocations loops is reduced compared to the CG condition. The
reduction in loop size is attributed to increased interaction of dislocation loops with GBs in the
UFG condition at 500°C. Examination is also provided on the interaction of both pre-existing
and irradiation induced dislocations with GBs in the UFG and CG conditions. The in-situ results
indicate enhanced migration of pre-existing dislocations to GBs because of an enhanced radiation
induced recovery at 500°C. In addition, frequent interactions between irradiation induced defects
with both lattice dislocations and GBs are explored to elucidate potential interaction mechanisms
in the UFG regime.
8.2. Experimental:
8.2.1. Materials and Processing Route:
A binary Ni-5Cr alloy was cast by vacuum arc melting, hot rolled at 1090°C, and subsequently
annealed in an Ar reducing atmosphere furnace at 1050°C for 1 hr. To recrystallize the alloys to
a coarse ~100 µm grain size, the alloy was further cold rolled to 50% of the original thickness and
annealed for 1hr 1050°C. Hereafter, this recrystallized processing route is considered the CG
condition. SPD was completed by high pressure torsion (HPT) at 250°C using a quasiconstrained condition with a constant pressure of 5 GPa on 15 mm diameter cylindrical samples
cut from the CG condition. The HPT specimens were ramped to 250°C with a 25°C/min ramp
with an additional 20 minute hold. The lower anvil was rotated at 1 rotation per minute for a total
of 5 full continuous revolutions with minimal observed slippage. The nominal disk thickness

140
after HPT was reduced from an original thickness of 2.9 mm to 2.7 mm. The equivalent von
mise strain [250,251] is given by Eq. 8-1 where r is the radius, h is the sample thickness, and N is
the number of full 360° rotations.
𝜀𝜀 =

2𝜋𝜋𝑁𝑁𝑁𝑁
ℎ√3

Eq. 8-1.

The equivalent von mise strain was equal to 34 at a disk radius of 5.5 mm. The as SPD HPT
condition hereafter is considered the UFG condition.
8.2.2. Irradiation Conditions:
TEM samples were prepared by conventional TEM jet polishing using a TenuPol-5 polishing unit
at -45°C with a 5% perchloric acid in methanol electrolyte. Samples from the HPT disks were
obtained from the outer radius region between r = 4 mm (ε = 25) and r = 7.5 mm (ε = 47). The
thin foils prepared from the CG and UFG were irradiated in-situ at the IVEM-Tandem facility at
Argonne National Laboratory using a Hitachi H-9000NAR TEM operated at accelerating voltage
of 200 keV with an attached Tandem ion accelerator. Ion flux and subsequently fluence was
measured by an annular Faraday cup located ~ 4 cm from the TEM sample. The samples were
irradiated with 1MeV Kr2+ ions at 500°C using a Gatan double-tilt heating holder at 500°C to an
ion fluence of equivalent to 1 or 2 dpa using an ion flux of ~4 x 1015 ions/m2s1. The displacement
per atom (dpa) was estimated by SRIM-08 using the quick Kinchin-Pease damage method with a
displacement energy of 40 eV for both Ni and Cr [234]. Here, the ion fluence of 5.41 x 1014
ions/cm2 correlates to 1 dpa at a foil thickness of 50 nm with an estimated dose rate of ~10-3 dpa/s.
Primarily, the TEM observations were performed using both kinematic bright field with high
positive deviation parameter and weak beam dark field for the CG and UFG conditions. The CG
size allows for easier control over tilting and as such all irradiation induced defects were imaged
in-situ under a g = 200 type condition approximately 5-7° off a <110> type zone axis. The weak
beam dark field condition used was approximately a g/5g condition [136,252]. Due to the
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reduced grain size of the UFG condition, defects were imaged under kinematic bright field
conditions during the in-situ experiment. Defect size and density calculations were completed
after the in-situ irradiation experiment on a JEOL 2100 TEM using the above mentioned weak
beam dark field and kinematic bright field conditions with a g= 200 reflection.
8.3. Results and Discussion:
8.3.1 Pre-Irradiation Microstructure:
The inverse pole figure colored orientation map of the CG and UFG conditions are shown in
Figure 8-1. The CG and UFG have average grain sizes of 145 µm and 185 nm respectively. The
CG condition consists of a well recrystallized high angle GB network consisting of 55% length
fraction Σ3 twin boundaries. The UFG condition contains a minimal length fraction of Σ3 GBs
with a 92% high angle GB length fraction. The high length fraction of HAGBs is consistent with
other HPT studies in pure Ni with deformation paths containing similar levels of equivalent strain
[253]. There is also a lack of strong crystallographic texture in the as-deformed SPD material. In
addition, the UFG condition has a high degree of in-grain strain, characteristic of SPD materials
[54,254]. The GBs in the UFG condition also have a high density of dislocations that appear to
impinge the GB structure which is characterized by the increased contrast along the periodic array
of intrinsic GB dislocation arrays in inclined GB fringes [32,255]. This is consistent with GBs
experimentally observed to contain extrinsic GB dislocations. Previous researchers have
correlated GBs that contain arrays of extrinsic GB dislocations to be non-equilibrium GBs in
severely deformed samples [54,59,62,256].
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Figure 8-1: Representative Inverse pole figure colored orientation maps of the (A) coarse
grain and (B) UFG Ni-5Cr prior to irradiation

8.3.2 Coarse Grain Irradiation:
8.3.2.1 Ex-situ coarse grain defect characterization:
Figure 8-2 shows the irradiation induced defect evolution as a function of dose at 500°C in the
CG condition. Figure 8-2a indicates the microstructure prior to irradiation consists of a well
recrystallized microstructure observed by the minimal pre-existing dislocations. Figure 8-2b
indicates a large increase in the defect density by 0.1 dpa with a high number of small defect
clusters with average diameter of 4.4 nm. With an increase in the irradiation dose at both 0.5 and
1 dpa shown in Figure 8-2c and 2d respectively, defect clusters grow into large dislocation loops
with diameters > 20nm. The arrows in Figure 8-2c emphasis the formation of edge-on
dislocation loops to the TEM foil. The arrowed edge-on dislocation loops are consistent in
morphology with the {111} habit plane for

1
3

<111> Frank loops. At 1 dpa there is an observed

bimodal distribution of irradiation induced dislocations with both very large dislocation loops of
48 nm average diameter and small dislocation loops with an average dislocation diameter of 4.7
nm. Here, the average dislocation diameter of the small and large size distribution was calculated
by splitting dislocation loops into two categories: larger and smaller than 15 nm. The total
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dislocation mean size was 6.7 nm due to the higher density of smaller dislocation density while
the total dislocation density was 3.1 x 1022 m-3.

Figure 8-2: Evolution of irradiation induced dislocations in the same spatial location in the
coarse grain condition at 500°C where (A) non-irradiated condition, (B) 0.1 dpa, (C) 0.5
dpa, (D) 1 dpa.

The evolution and morphology of irradiation induced dislocations at 1 dpa indicates the formation
1
3

of both Frank <111> dislocations and Perfect

1
2

<110> dislocations. Figure 8-3 examines the

loop type by evaluation of the available reflections of the [0 1 1] zone axis. In this case, g.b

� 0 0], [1
� 1 1� ], [1 �1 1] reflections to evaluate dislocation contrast. In
criterion was used at g = [2

the case of the Frank loop, contrast should be observed in all three reflections for the four

1
3

<111> Frank loop burgers vectors. Therefore, dislocations loops exhibiting invisibility (g.b = 0)
1
2

at any of these three reflections is characteristic of the <110> Perfect dislocation [257]. The
evaluation of dislocation loop burgers vector was performed with a large positive deviation
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parameter (sg) in kinematic bright field and exclusively limited to the loops with a diameter over
20 nm. The red arrows in Figure 8-3 indicate dislocation loops that show contrast in all three
1
3

conditions and are therefore <111> dislocations. Consistent with the g.b analysis, the inclined
dislocations exhibit stacking fault fringes, consistent with the partial dislocation contained in the
faulted Frank dislocation. Of the 50 dislocations examine, 15 dislocations or 30% of the total
dislocations were Frank loops in Figure 8-3. The remaining dislocations were therefore
considered unfaulted Perfect dislocations.

Figure 8-3: Frank verse Perfect dislocation loop analysis using g.b invisibility criteria for
three reflections of a [110] zone axis
8.3.2.2 Coarse grained in-situ TEM observations:
Figure 8-4 and Figure 8-5 provide the evolution of specific defects between 0 and 1 dpa. In
Figure 8-4 an edge-on Frank loop is observed to grow between 0.1 dpa and 0.23 dpa before being
annihilated at the TEM free surface. The observed growth is characterized by a steady increase in
size with the possible merger of a smaller dislocation loop. This coalescence is indicated by the
red arrows in Figure 8-4d at 0.139 dpa. The dislocation size increases rapidly during this
coalescence of the smaller loop. Figure 8-6 provides the estimated loop size as a function of dose
for this edge-on Frank loop. After the merger, the growth rate is slower but continuous until the
defect is lost to the surface. Before the defect is lost to the free surface, it appears to interact with
a second dislocation in Figure 8-4h.
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Figure 8-4: Evolution of an edge-on Frank dislocation between 0.1 and 0.23 dpa in the
coarse grain condition. Arrows note a possible merger between two dislcoation loops
leading a rapid increase in dislocation size.

Figure 8-5: Evolution of two dislocations between 0.1 and 0.5 dpa illustrating the rapid,
continous growth. The arrows in the bottom loop (Loop B) indicate the decoration of small
dislcoations along the diameter of large growing dislocations.

In similar fashion to the above edge-on Frank loop, two other dislocations which are inclined in
the TEM foil were tracked during the in-situ experiment in Figure 8-5. The two loops (loop A,
and loop B) are shown to grow approximately linearly as indicated by the loop size as a function
of dose in Figure 8-6. Loop B, located on the bottom half of the image, appears to show the
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decoration of a small dislocation loop between 0.20 and 0.23 dpa. The decoration of the small
dislocation loop is shown in the arrows of Figure 8-5b and 6c. The decoration of the small
dislocation loop is characterized by enhanced darker contrast in the shape of the small dislocation
loop along a particular point in the larger loops diameter. The decoration of small dislocations
was observed frequently in other loops not reported here. In addition, the loop appears to change
morphology between Figure 8-5d (0.28 dpa) and 8-5e (0.43 dpa) with the “opening” of the
dislocation loop.

Figure 8-6: Evolution of dislcoation size for the twp loops examined in Figure 8-5 as a
function of dose

8.3.2.3 Coarse grain defect discussion:
In CG irradiations, the formation of both large Frank and Perfect dislocation loops is apparent by
1 dpa. The formation of dislocation loop diameters in excess of 15 nm has been observed in
previous studies of Ni and Ni binary alloys under ion irradiation in similar temperature regimes
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(500 – 700°C) [258–260]. In addition, recent in-situ TEM irradiation studies in Ni based alloy X750 indicate similar size of interstitial Frank loops after irradiation in the 500 to 600°C regime
[261]. Zhang et al. indicates the mechanism for the formation of large Frank loops is the
absorption of freely migrating point defects to the dislocation [261]. In the case of the interstitial
Frank loop, migrating interstitials lead to the positive climb of the dislocation leading to larger
diameter dislocation loops. Furthermore, the relatively high 500°C temperature irradiation
provides enhanced diffusion and interaction of the point defect with the dislocation loop. It is
assumed a similar type mechanism exist for vacancy Frank loops with freely migrating vacancies
at high temperature. While absorbing freely migrating point defects play a critical role in the
formation of large dislocation loops, it is possible that loop coalescence can plays an important
role in the growth of the loops. The acclimation of small dislocation loops is shown to occur in
the in-situ experiments as indicated in Figure 8-5. This apparent decoration of small loops on the
large dislocation loop is consistent with previous in-situ studies in pure Fe [262]. The proposed
mechanism relies on the small dislocation loop being trapped in the dislocation core. The small
loop subsequently could changes burgers vector by addition of a partial dislocationand then can
be absorbed by the large dislocation. Furthermore, it is possible that the small dislocation loop
size becomes smaller by the release of interstitials to the larger dislocation loop.
The nearly linear increase of the inclined loops A and B occur up to 0.5 dpa. The continued
growth of the loops at 1 dpa, not shown, indicate continuous growth. Therefore, the complete
defect size saturation has not occurred in this system at 1 dpa. Previous studies by Zhang et al.
indicate the saturation typically occurs between 1 to 2 dpa in X-750 Ni based alloys under similar
in-situ irradiations at 500°C and 600°C [261]. Etienne et al. [263] examines dislocation loop
evolution in 304 and 316 after ion irradiation with 150 keV Fe+ at 350C. They also indicate that
the loop size and density level out or saturates at 1.25 dpa. The density of unfaulted dislocations
at 1 dpa provide evidence of the Frank loops unfaulting during the irradiation experiment. The
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elastic energy of a circular mix screw and edge dislocation can be estimated based on the
dislocation size to provide an estimate of the preferred energetic state of the dislocation as a
function of number of point defects and subsequent loop radius [65,85,264]. The elastic energy
of a circular edge loop with radius (r) with a burgers vector (be) is given by Eq. 9-2 while the
elastic energy of a circular mixed dislocation loop with radius (r) with a burgers vector (bs) is
given by Eq. 9-3. By combining Eq. 9-2 and Eq. 9-3, an estimate of the elastic energy can be
obtained for a shear dislocation of edge and screw characteristics. For the Frank loop, b2e = a2/3
while b2s = 0 while the Perfect loop b2e = a2/3 and b2s = a2/6. The Frank loop, as discussed above,
also contains a stacking fault with the energy equivalent of ᴨr2γ. Material properties for Ni are
used as a surrogate for Ni-5Cr and included the shear stress (µ) = 76 GPa, Poisson ratio (ν) =
0.31, and lattice parameter (a) = 3.52 Å. The relation between number of point defects (n) in the
loop of a particular radius is given by Eq. 9-4.
𝐸𝐸 (𝑏𝑏𝑒𝑒 ) =

𝐺𝐺𝑏𝑏𝑒𝑒2 𝑟𝑟
𝑟𝑟
ln( )
2(1−𝑣𝑣)
𝑟𝑟0
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Eq. 9-3

Eq. 9-4

Figure 8-7 indicates that the above energetic requirements indicate a cross-over in stable loop
type at loop diameter of approximately 16.1 nm (3800 interstitials) from the Frank to Perfect
dislocation. However, as noted in Hull and Bacon [264], the unfaulting requires either one or two
Shockley partial dislocations which also has an energy barrier dependent upon temperature. The
unfaulting reaction either requires two Shockley partial dislocations for interstitial loops (1/3
� ]+ 1/6 [2 1 1] + 1/6 [1 2 1]  ½ [1 1 0]) or one Shockley partial dislocation for vacancy
[1 1 1
� ] + 1/6 [1 1 2]  ½ [1 1 0]). It is clear that at 1 dpa in the CG condition, the
loops (1/3 [1 1 1
unfaulted dislocation dominates the loop type for large (> 15 nm) dislocations.
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Figure 8-7: Elastic energy calculation for the Perfect and Frank loop in pure Ni. Above 16.1
nm, the Perfect dislocation is energetically favored

8.3.3 Ultrafine grain irradiation:
8.3.3.1 Ex-situ ultrafine grain defect characterization:
Figure 8-8 indicates the evolution of defect density in the UFG irradiation. Here, Figure
8-8a shows the grain of interest after 10 minutes of hold time isothermally at 500°C before the insitu irradiation. Figure 8-8c through Figure 8-8e shows the evolution of dislocation density at
0.1, 0.5, 1, 1.5, and 2 dpa. Unlike the CG irradiation, the exact diffraction contrast is unknown in
the observed grain. However, qualitative examination of the dislocation evolution is still possible
but without specific knowledge of defect type and nature. In comparison to the CG irradiation,
there is the initial growth of a high density of small dislocation loops at 0.1 dpa. By 1 dpa an
overall larger dislocation size similar to the CG condition is observed with a bimodal distribution
of both large (> 15 nm diameter) and small (<4 nm diameter) dislocations. The mean diameters
were 4 nm and 28 nm for the small and large dislocation loops respectively observed at 1 dpa
with a total mean average of 4.4 nm. The total loop density was estimated at 4 x 1022 m-3. Figure
8-9 illustrates an example of a particular grain examined with a g = [2 0 0] type reflection in
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kinematic BF and WBDF (g/~5g) techniques for the dislocation size and density measurements
above [252]. Grains ranging from 200 to 400 nm from a sample irradiated at 500°C to 1 dpa
were used to obtain statistical average of dislocation size and density.

Figure 8-8: The defect evolution between 0 to 2 dpa for the ultrafine grain condition

Figure 8-9: Defect morphology at 1 dpa using a g = [2 0 0] reflection where (A) BF and (B)
WBDF with a ~g5g condition.
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8.3.3.2 In-situ ultrafine grain characterization:
8.3.3.2.1 Pre-irradiation lattice dislocations and early stage irradiation:
The interaction between the pre-existing and irradiation induced microstructure was examined in
the UFG condition through the in-situ TEM experiments. The microstructural evolution of a
particular grain with an average grain size ~ 450 nm was observed during the temperature ramp
up to 500°C and during the high temperature irradiation experiment. Figure 8-10a illustrates the
high initial dislocation density in the as-SPD condition which is shown to undergo significant
recovery at 500°C prior to irradiation. Figure 8-10b indicates the grain just after the sample
reaches 500°C during the 10-minute isothermal hold at 500°C. The observable dislocation
density decreased between the as-deformed condition and during the isothermal hold prior to
irradiation. Figure 8-10c shows the same region after 0.1 dpa (185 seconds at 5x10-4 dpa/s). The
circled lattice dislocations that exist in both the as-deformed condition and 500°C non-irradiation
condition migrate rapidly to the GB region after the initial introduction of the 1MeV Kr2+ ion
beam fluence.
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Figure 8-10: Interaction of pre-existing lattice dislocations during the initial stages of the
ultrafine grain in-situ TEM irradiation experiment.

The migration of pre-existing lattice dislocations during irradiation is examined in further detail
in a sequence of images shown in Figure 8-11. The circled region in Figure 8-11b shows that
initially, before irradiation at 0 dpa, the lattice dislocation is already partially inserted or impinged
at the GB. The slightly dark contrast in the GB fringes shown by the circled region of Figure 811b indicates the dislocation-GB interaction. Enhanced migration of the dislocation is observed
immediately after the ion fluence is introduced as visually indicated in the video frames shown in
Figure 8-11c through 8-12d. The enhanced dislocation migration is further quantified by the
displacement of the lattice dislocation as function of time as shown in Figure 8-12a. Here, two
different segments of the lattice dislocation (P1 and P2) were tracked through the in-situ
experiment. The dislocation segments average velocity as determined from regions P1 and P2 in
Figure 8-11 is ~3 x 10-10 m/s. The dislocation segment that is partially inserted in the GB
appears to “shuttle” along the GB while the top half of the dislocation migrates downward
towards the GB and bottom triple junction region. It is also observed that a possible pinning
event has occurred, located by the arrow in Figure 8-11f. Although conclusive analysis is not
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possible due to the lack of known diffraction contrast, it appears that either a pre-existing or
irradiation induced small dislocation loop is the cause of this possible pinning event. The
dislocation is shown to overcome the obstacle between 0.069 and 0.070 dpa and is rapidly
inserted into the adjacent GB region. The approximate location of the dislocation absorption
location is circled in Figure 8-11g.

Figure 8-11: Sequence of video frames between 0 and 0.80 dpa indicating the migration of a
pre-existing lattice dislocation towards the GB.

Shortly after the dislocation is absorbed by the GB, a broadening of contrast in the GB fringes is
observed in Figure 8-11g until the GB fringes appears to relax and the contrast is removed by
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0.085 dpa. The initial broadening and new contrast in the GB region was further examined as it
could be used to estimate the time for the GB structure to accommodate the lattice dislocation.
Figure 8-12b estimates the change in contrast in the GB region by examining the level of pixel
grayscale in the in-situ experiment. Here, using a pixel grayscale from 0 (black) to 255 (white), it
is shown that the during the defect absorption event, the GB region contrast goes up (lower pixel
grayscale). This change in contrast, which is observed for 24 seconds can provide an time
estimate for the GB structure to accommodate the dislocation.
The observed dislocation migration at 500°C is likely caused by the combined effects of
irradiation enhanced thermal migration and recovery of dislocations. It has been previous shown
in CG neutron irradiations that the dislocation density under irradiation saturates at the same
dislocation density irrespective of initial processing conditions [65,265,266]. For example, cold
worked and solution annealed 316 stainless steel have a saturation density of 2 x 1010 cm-2 in the
EBR-II fast reactor at 20 dpa irrespective of high initial dislocation density (6 x 1010 cm-2) of the
20% cold work or low initial dislocation density (3 x 108 cm-2) in the solution annealed condition
[65]. The cold work is shown to cause an decrease in density under these irradiation conditions
due to the irradiation enhanced recovery due to assumed annihilation of pre-existing dislocations
of opposite burgers vectors. Mordehai et al. provides a climb model to incorporate the enhanced
irradiation induced point defect concentrations and finds that a coordinate climb mechanism
promotes the annihilation of opposition sign dislocations [267]. It is clear that a likely enhanced
dislocation climb rate and glide due to the higher concentration of both vacancy and/or
interstitials in the vicinity of the lattice dislocations, a point defect sink, allow for the migration of
the dislocation to the GBs. The rapid migration of the dislocation in Figure 8-11 between 0.069
dpa and 0.070 dpa to the GB region is likely due to the re-orientation of the burgers vector into a
glide plane with a burgers vector parallel to the GB plane. However, the diffraction contrast of
the grain examined is unknown so burgers vector and habit plane cannot be explicitly determined.
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Figure 8-12: (A) Estimated distance migrated in the dislcoation observed in Figure 8-11 in
the two locations (P1 and P2); (B) Pixel grayscale for the observed dislcoation spreading in
the GB finge in the sequence of images in Figure 8-11.

The accommodation of the lattice dislocation in the GB is observed by a quantifiable change in
contrast in the GB region. This change in GB contrast with the insertion of a dislocation is
consistent with the spreading phenomena [268]. The spreading phenomena is a generalized term
to describe incorporation of a dislocation in a GB structure. A number of a different mechanisms
have been proposed to describe the contrast spreading, observed in a wide range of alloy systems,
grain sizes, GB types, and temperatures, from localized dissociation of the lattice burgers vector
or core delocalization [268–270]. However, the exploration of GB contrast spreading with the
insertion of dislocations to GB during irradiation has not be explored in great detail to the authors
knowledge. In order to quantify if there is a potential for quicker or similar accommodation of
lattice dislocations under irradiation, a non-irradiated thermal baseline would need to be
established. The spreading time however follows similar trends as the previously explored
accommodations in Ni and Al systems [32,271]. The pixel gray scale shows a steady increase in
grayscale pixel value as a function of time which is a good indication of a diffusive process.
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Other pre-existing dislocations follow similar trends of being absorbed by GBs shortly after the
initial stages of irradiation. Figure 8-13 shows another example of a pre-existing lattice
dislocation that is absorbed by an adjacent GB. Figure 8-13a indicates that this lattice
dislocation has already been partially absorbed at the GB by observing the high contrast region in
the GB fringe. The partially absorbed lattice dislocation migrates parallel to the GB between
0.100 and 0.121 dpa as shown in Figure 8-13b before absorbed by the GB swiftly. After the
mobile dislocation is absorbed by the GB, a slight contrast change is observed in the GB fringe.
Unlike the previous example, Figure 8-13f indicates the GB region has then slightly bulged
outward approximately 8 seconds after the dislocation was fully inserted in the GB.
In contrast to the dislocation accommodation above, the dislocation-GB interaction illustrated in
Figure 8-13 leads to a small but rapid grain boundary migration. It has been previous indicated
that neutron irradiation can increase the growth rate in CG copper [272] while a number coarse
and nanocrystalline thin film ion irradiation studies indicate increased GB migration and grain
size. The increase in grain size in the neutron irradiation study of the Copper was interpreted as
absorption and dissociation event of dislocation loops to GBs. The dissociation would increase
self-diffusion coefficient and subsequent promote migration of GBs. The ion irradiation studies
indicate the increase in grain size due to the in-case thermal spike and the enhanced point defect
fluence to GBs [273–275]. The process shown here is clearly linked to how the GB structure
accommodates the dislocation. The increased energy state of the GB, associated with the nonequilibrium introduction of the lattice dislocation, causes an enhanced GB migration motion.
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Figure 8-13: Sequence of video frames that indicate that a previously partially absorbed GB
becomes fully inserted into the GB at 0.122 dpa; shortly after the dislocation is accomidated
in the GB, a slight GB buldge is observed. Black dash line indicates GB in (E), White dash
line to indice new location of GB in (F).

8.3.3.2.2 Interaction of lattice dislocations and irradiation induced dislocations:
While a number of SPD induced dislocations are mobile and quickly absorb at GBs, other lattice
dislocations appear to be partially stable during irradiation. The pre-existing lattice dislocation in
Figure 8-14 does not get fully absorbed by the GB by 1 dpa. While the lattice dislocation does
not get absorbed, it interacts with the irradiation induced microstructure. The sequence of
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images in Figure 8-14 is 0.376 and 0.404 dpa in the UFG condition at 500°C. First, the lattice
dislocation appears to be partially inserted into the GB structure and in similar fashion to the
previous examples can shuttle along the GB. The dislocation is confirmed to partial inserted by
the broadening of contrast at the GB fringes in Figure 8-14a. Unlike the previous dislocations,
this loop does not get absorbed at the GB. Instead, the loop appears to interact with adjacent
irradiation induced dislocations. In this case, the arrowed irradiation induced dislocation, left side
in Figure 8-9B, is shown to interact with the shuttling lattice dislocation. Visually, as lattice
dislocation migrates to the left, the dislocation bends slightly along the length before showing
what visual is interpreted in the diffraction contrast as being “split open”. Shortly after this point,
a small circular dislocation appears on the right of the lattice dislocation shown by the arrow in
Figure 8-14d. The total sequence of the defect-defect interaction is shown in the sequence from
Figure 8-14a to Figure 8-14d. The small circular dislocation migrates to the GB which is
indicated by an increase in the GB fringe contrast at 0.390 dpa in Figure 8-14e. Approximately
six seconds later, a new dislocation is emitted from the GB region and subsequently grows in
length over the next seven seconds.
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Figure 8-14: Dislocation-dislocation interaction under irradiation. Dislocation is shown to
migrate – lattice dislocation is shown to split open, migrating defect is than accomidated at
GB, new dislocation is emitted or reflected from GB.

The interaction of lattice dislocations with irradiation induced obstacles has been extensively
studied by molecular dynamic simulations for both pure and alloyed systems [276–279]. A
number of variables exist in the wide literature of MD simulations including lattice dislocation
character: edge and screw dislocations, obstacle structure and nature: interstitial or vacancy Frank
loops with different diameters, stacking fault tetrehadra, and voids. Based on the limited
diffraction contrast knowledge of the grain and dislocations observed in Figure 8-14. The
mechanism is unclear of the mechanism of the lattice dislocation and irradiation induced defect
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interaction is unclear. However, it was observed that the irradiation induced dislocation is mobile
shortly after interacting with the lattice dislocation. The increased mobility is likely due to the
change in dislocation burgers vector to a glissile dislocation. As described previously, number of
proposed mechanisms from the MD simulations indicate a change in the burgers vector during the
interaction of screw and edge dislocations with both vacancy and interstitial nature Frank loops
[278]. These unfaulting reactions create a glissile 1/2 [1 1 0] dislocation which is shown to be
able to glide easily on the {111} planes. Terentyev et al. [280] examined the interaction of screw
dislocations in Frank loops in a Fe-10Ni-20Cr alloy through MD simulations. In almost half
lattice dislocation – Frank loop interactions, the favored mechanism for the interaction ultimately
lead to unfaulting of the Frank loop to a Perfect dislocation. The visual indications in Figure 814b indicate what appears to be a “splitting” of the dislocation loop. This is best represented
visually as the “unfaulting with the formation of a ‘full’ helical turn” mechanism of Terentyev et
al. [280]. The mechanism describes the interaction of a 5 nm diameter 1/3 [ 1 1 1] Frank loop
with a screw dislocation. In this MD simulation, the Frank loop is shown to “cut the dislocation
loop” which is qualitatively similar to the “splitting” of the dislocation loop described
experimentally here. Conclusive evidence of the exact mechanism remains unclear but the rapid
migration of the irradiation induced dislocation to the GB region indicates a likely change to a
more a glissile loop, consistent with the unfaulted Perfect dislocation. Once the dislocation
migrates to the GB, the emission of a dislocation is observed during irradiation. To date, the
author is unware of any other experimental evidence indicate the emission or reflection of a
dislocation during irradiation without the application of external stress (i.e in-situ straining) from
a GB, irrespective of grain size or GB structure. Previously, it was indicated that the absorption
of dislocations is accommodated by a local spreading of the dislocation core or breakdown of an
extrinsic dislocation burgers vector into intrinsic GB dislocation structure [32]. While dislocation
absorption is common, the reflection or transmission of dislocations is observed in particular GB
structures under applied stress [32,33]. It is possible that the dislocation observed here could
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follow a similar trend. Furthermore, MD simulations have indicated that individual interstitials in
Cu can unloading from the GB to effectively absorb vacancies under simulated irradiation
environments [91]. The mechanism indicates that as interstitials are loaded into a GB during
irradiation, the GB act as a source, emitting the interstitials into the grain interior to annihilate
vacancies. While this mechanism of interstitial emission near GBs exclusive indicate interstitialvacancy point defect interactions, the experimentally observed dislocation emission indicates a
possible new mechanism. It is proposed that under irradiation in UFG materials where there is a
high density of mobile lattice and irradiation induced defects at high temperature, the emission of
dislocations from GBs provide a route to 1) locally reduce the non-equilibrium structure of the
GB caused by the introduction of both the extrinsic dislocation and localized irradiation induced
point defects, 2) provide new efficient sink source (dislocation line) for point defects in the grain
interior. In similar fashion to the accommodation of dislocations under applied stress, the process
of must be similar in the sense that indirect transmission or reflection [32] involves the activation
of a dislocation source in or at the vicinity of the GBs due to a high stress concentration. Unlike
under applied load, the high stress concentration is due to continual accommodation of lattice and
irradiation induced defects in the GB region. Figure 8-14e also indicates that a lattice dislocation
is either near or partial inserted along the same GB in the adjacent grain. The loading and
unloading of dislocations was previously presented by Mompiou et al. [271] as a mechanism to
describe large inelastic reserve deformation observed in UFG Aluminum and UFG Copper. They
report in-situ TEM straining which indicate that upon straining, dislocations can glide in UFG
and are both fully and partially inserted into the GB. Upon unloading, the study indicates that
the dislocations in the pile-up near the GB or those dislocations that were only partially absorbed,
go back to the source and annihilate.

162
8.3.3.2.3 Interaction of irradiation induced dislocations and grain boundaries:
Figure 8-15 illustrates the interaction and absorption of a large 38 nm irradiation induced
dislocation loop with a GB. Figure 8-15a shows the dislocation before being inserted into the GB
structure while Figure 8-15b shows in the initial insertion into the GB with a clear change in GB
fringe contrast at 0.22 dpa. Figure 8-15c indicates that the dislocation was absorbed by the GB
and the GB fringe contrast is no longer apparent. This is a possible indication of a quick
relaxation and accommodation of the dislocation structure in the GB. The quicker
accommodation of the dislocation as indicated by a lack of contrast spreading could be an
indication of a difference in the interaction and dissociation of the extrinsic dislocation with the
intrinsic dislocation structure. Furthermore, the lack of contrast spreading could indicate a loss of
a dislocation to the free surface or free surface-GB region. While the dislocation shownabove is
an example of large dislocation being absorbed into the GB, there are a number of small
dislocation loops (<4 nm) that are often absorbed by either GBs or are lost to the free surfaces
during the thin foil irradiation in the UFG condition. Since a high number of small dislocations
are lost to the free surface, interpretation of loss to free surface vs. GB becomes quantitatively
difficult. Furthermore, it is well known that small irradiation induced dislocations can be
absorbed at GBs in nanocrystalline and UFG regimes from previous literature. For example, Sun
et al. [79] provides the evidence of Frank loop absorption in the small size regime (<5 nm) during
similar in-situ TEM irradiation of nanocrystalline Ni. They indicate that the primary mechanism
is a diffusion-controlled climb process where in regions adjacent to GBs, pipe diffusion is the
primary mechanism for dislocation loop climb to the GB. In addition, since there is gradient of
vacancies in the region adjacent to the GB, the net flux of vacancies being absorbed by a Frank
interstitial loop the regions further away indicate the loops diffuse towards the vacancy gradient
at the GB.

163

Figure 8-15: Irradiation induced dislocation that is fully absorbed by a GB.

8.3.3.2.3 Dislocation loop coalesces:
The evolution and coalesces of irradiation induced dislocation loops in the interior of the grain
was also readily observed in the UFG condition. Figure 8-16 illustrates two examples of the
interaction of a number of smaller dislocation loops that form larger combined loops. First,
Figure 8-16a shows four individual loops labeled A1 through A4 that are shown to merge into a
single long dislocation finger type loop between 1 and 1.5 dpa. In Figure 8-16a, the dislocation
loop marked A5 is observed to break apart and partially interaction with the dislocation loops A2,
A3, and A4. By 1.09 dpa, is observed that these three dislocation loops have re-aligned to form a
larger elongated string type loop. Under continued irradiation, it is assumed that via a diffusive
climb mechanism of the combined A2, A3, A4 dislocation loop can then coalesce with the A1
dislocation loop. Figure 8-16d indicates a red arrow for which over the next sequences of images,
the two dislocations are shown to grow and subsequent form a large elongated dislocation finger
loop in excess of 200 nm. Throughout the coalescence of the large elongated finger loops, many
points along the dislocation are decorated by small dislocation loops. It is likely that these small
dislocations are assimilated into the larger dislocation loops which promote the overall growth of
the dislocation loop size. The assimilation of small dislocation loops to large dislocation loops
through a dislocation junction is consistent with other high temperature irradiations [262].
Hernández-Mayoral et. al [262] indicates loop assimilation and formation of large finger type
loops in CG irradiation of high purity Fe at high temperature. In similar fashion, dislocation
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loops B1, B2, and B3 in Figure 8-16a are shown to coalesce into a large connected dislocation.
Dislocation loop B3 is shown to flex open and migrate downward as indicated by the white arrow
in Figure 8-16d. The dislocation is again mobile with continued migration to the dislocation
marked as B1 as shown by the white arrow in Figure 8-16f. By Figure 8-16l, it observed that preexisting dislocations B1, B2, and B3 have combined to form a larger connected dislocation loop.

Figure 8-16: Longer term irradiation leads to loop coalescences. Here, two circled long
finger type elongated dislocations are shown to form from the interaction of 3 to 4 smaller
loops over a period of 0.5 dpa or 8 minutes in real time.

The observed loop coalescence in the UFG condition between 1 and 2 dpa indicate that although
the sub-micron UFG grain size has an overall reduction in defect size and density, there is the
potential to form large, elongated dislocation loops during high temperature irradiations. As
discussed above, although large dislocation loops are observed statistically, the average large
dislocation size (loop size > 20 nm) is smaller in the UFG than CG condition. Therefore, the
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absolute largest loop size in the grain interior by the coalescence mechanism is limited by the
grain size and GB interaction. This is for example observed in Figure 8-16, where dislocation A5
is shown to split open. Part of the dislocation interacts with the dislocations above it as describe
above but the other half appears to show a diffusive climb interaction with the GB. The diffusion
climb mechanism is likely similar to the mechanism describe above for the CG condition and as
described by Sun et al. [79].
8.3.4 Ultrafine vs. coarse grain defect evolution to 1 dpa:
The size of irradiation induced defects is consistent with a number of studies that indicate a
reduced dislocation size under irradiation of both SPD UFG materials [11,78,83] and thin film
grown nanocrystalline materials [79,82]. Sun et al. examined thin film grown nanocrystalline
and CG Ni with an average grain size of 55 nm and 3.5 um respectively using in-situ TEM
irradiations [79]. They show that the nanocrystalline Ni has ~4 nm dislocation size while the CG
has a ~7.5 nm dislocation size at 1 dpa during room temperature irradiation. This nearly 50%
decrease in dislocation size is coupled with a reduction in dislocation loop density as well. The
attributed decrease is due to the preferential absorption of Frank loops via a diffusion control
climb process. While no comparable bulk UFG condition has been examined using similar insitu TEM irradiations, UFG resistance using bulk irradiations has proven to indicate a reduction
in voids, defect size and density in a 304L stainless steel irradiated at 500C using heavy Fe ions
[11]. Sun et al. reports a 8 nm loop diameter with 4x1021 m-3 density and 25 nm loop diameter
with 3x1021 m-3 density were observed in the UFG and CG conditions respectively. However,
based on the observe dark field TEM images in their publication, it is unclear how an actual size
and density were estimate was completed using a g = [1 1 1] reflection. An unbiased size would
occur since the potential to image unfaulted loops is higher than Frank loops upon inspection of a
g.b defect invisibility criteria [252]. Unlike the above studies of Chen et al. which indicated
significant modifications of the defect size or density are observed, only a modest decrease in the
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defect is observed in this study. Additionally, a small increase in defect density was observed
from the CG (3.1 x 1022 m-3) to UFG condition (4 x 1022 m-3). The decrease in the dislocation
size is primarily attributed to reduction in mean size of the large dislocation loop size as both CG
and UFG have a high density of small <4 nm Frank loops. Figure 8-17 shows the frequency
distribution of dislocation loops for both the CG and UFG conditions. The mean size reduction at
1 dpa for the large loops in the UFG condition is due to the propensity of the loops to impinge GB
regions or annihilate at sinks. Once the dislocation impinges or is partially absorbed at a GB, the
effective total size of the loop is limited. Additionally, the overall growth of the large
dislocations observed in the CG condition is linked to the ability of large dislocation to
continually absorb additional point defects and assimilation of smaller dislocations with a
diffusive climb mechanism. This provides a route for a slightly smaller over dislocation density
observed in the CG condition compared to the UFG condition.
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Figure 8-17: Evaluation of the dislocation size distribution between the coarse grain and
ultrafine grain

8.4 Conclusions:
The objective of this work was to provide detailed and quantifiable analysis of GB-defect
interactions under in-situ TEM irradiations with 1 MeV Kr2+ in both a CG and UFG condition NiCr model alloy. The study examined the defect evolution between the pre-existing microstructure
and irradiation induced microstructure between 0 and 1 dpa at 500°C. In addition, dislocation
size, density, and loop type were determined to provide a quantifiable difference between the two
conditions. The key finds using from the work include:
1) The UFG condition has a smaller dislocation size in comparison to the CG condition.
The smaller mean dislocation size is attributed at 1 dpa for the inability of loops to
coarsen to the same size as the CG due to increased GB interactions. The UFG condition
indicates a slightly larger defect density in comparison to the CG condition. The
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increased density in the UFG condition is attributed to the ability of CG dislocation loop
size to grow to a large size by assimilation of a high frequency of small dislocations.
2) The dislocations observed in the CG condition are primarily unfaulted Perfect
dislocations at 1 dpa. In-situ TEM analysis indicate that the loops become decorated with
small dislocations during the coarsening between 0 and 1 dpa. The decoration of the
small dislocation loops ultimately leads to absorption and growth of the large dislocations
by climb at 500C.
3) The pre-existing dislocations that exist before irradiation in the UFG condition are shown
to quickly migrate and annihilate at GBs. The annihilation and recovery of the preexisting dislocations is assumed to be controlled by an irradiation assisted thermal climb.
Initial investigates were completed by examining GB fringe contrast to examine how
long the diffusive process occurs for a dislocation loop to be dissociated in a GB
structure.
4) In-situ observations in the UFG condition indicate the new observations of pre-existing
lattice interaction of irradiation induced dislocations. Continued research with better
control of the in-grain diffraction condition is needed however to elucidate specific
mechanisms between the dislocation-obstacle interaction.
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CHAPTER 9: Conclusions and Future Work
9.1. Conclusions:
The work in this thesis examined novel features of grain boundary (GB) dependent
microstructure-property relationships in both 316L stainless steel and a model Ni-Cr alloy. The
aim was to explore insight into two key routes for GB sensitive design for next generation alloy
development for nuclear energy related applications. These project aims were to 1) provide new
understanding into the link between GB character and structure with environmental response and
2) investigate the microstructural response with specific emphasis on dislocation evolution in
ultrafine grain (UFG) materials under ion irradiation. The following conclusions from these
research aims are briefly summarized below:
•

Low strain processing near the critical level of recrystallization is proposed as the
mechanism for low-strain grain boundary engineering (GBE) processing in 316L
stainless steel. The low strain provides the ability for large twin related domains (TRDs)
to form during subsequent recrystallization. In the low strain condition, it is postulated
that a small number of new nuclei grow to spatially large (> 500 µm), heavily twinned,
TRDs. The evaluation of the TRD size to grain size (ratio of TRD size to pre-existing
grain size) provides a metric to describe the formation of large TRDs observed during
low strain, high temperature GBE thermomechanical processing routes. The evolution
of the TRDs provided the ability to understand that higher order twin boundaries form
through impingement of separate sections of the same TRD under coarsening. The
ability to apply GBE microstructures to real engineering alloys rely on the interplay of
the TRD size (and subsequently larger grain size caused by the low strain GBE process)
and desired mechanical properties. While the twin excluded grain size increases during
low strain GBE, there is the introduction to high density of twin related GBs.
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•

TRDs provide a practical microstructure descriptor in heavily twinned materials to link
how intergranular corrosion (IGC) propagates through the GB network compared to a
more simplistic analysis based on GB length of special GBs or triple junction distribution
analysis. TRD analysis assist in the understanding of how IGC can be arrested at triple
junction containing either coherent Σ3 twin GBs or low angle higher order twin GBs.

•

Examination of radiation induced segregation (RIS) in 316L indicate that GB response is
highly dependent upon the boundary atomic structure. This was clearly demonstrated by
the Σ3 GB where changes in the atomic GB plane from {1 1 1} to {1 1 2} induced a
significant difference in how the GB interacts with irradiation point defects and
subsequent Cr segregation. Specifically, Cr depletion was nearly minimal in the coherent
twin GB while the incoherent twin GB had ~10 Cr at. % difference at the GB than the
matrix composition. To corroborate these results, the reported GB–vacancy metrics all
indicated large differences including the vacancy formation energy between coherent
(1.26 eV vacancy formation energy) and incoherent twin GBs (0.90 eV vacancy
formation energy).

•

Post irradiation characterization of the neutron irradiated 316 stainless steel provided the
opportunity to explore variations in radiation induced segregation within the GB plane.
Anomalous w-shape Cr concentration profiles are observed at high dose and potential
justification is provided related to correlations in co-segregation between Cr, Mo, and C.

•

RIS and void denuded zone (VDZ) experiments in Ni-5Cr ion irradiation emphasize
major variations in the radiation response of the Σ3 GB coherent and incoherent twin
GBs. The coherent twin has a very low sink strength while the incoherent twin behaves
in similar fashion to random GBs. RIS and VDZ measurements indicate little differences
in sink strength as indicated by nearly equal levels of Cr depletion (~ 2 at.%
concentration of Cr at the GB) and similar VDZ between 110 and 150 nm for the low
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and high angle GBs after 3.4 dpa. This indicates the overall insensitivity to
misorientation angle for GB character dependent irradiation damage in the steady-state
RIS regime.
•

The UFG condition in Ni-5Cr has a smaller dislocation size in comparison to the coarse
grain condition after in-situ TEM irradiations at 500°C. The smaller mean dislocation
diameter at 1 dpa in the UFG condition is attributed to the inability of large loops to grow
due to increased GB interactions. The pre-existing dislocations that exist before
irradiation in the UFG condition are shown to quickly migrate and annihilate at GBs.
The annihilation and recovery of the pre-existing dislocations is assumed to be controlled
by an irradiation assisted thermal climb mechanism. In-situ observations in the UFG
condition indicate that interaction of pre-existing lattice interaction with small irradiation
induced defects. The irradiation induced defects are observed to unfault to a glissile
Perfect dislocation and migrate to adjacent GBs.

9.2. Future Work:
The proposed mechanism of GBE above relies on low strain, high temperature annealing
near the critical strain for recrystallization. However, the early stages of the recrystallization
process were not examined in this study to fully confirm this mechanism. It is proposed that an
in-situ SEM or sequential vacuum annealing step be performed to study the strain induced
boundary migration or abnormal grain growth in the 5% as-rolled condition. In conjunction with
measured local strain and dislocation density available by high resolution EBSD, the initial
mechanisms in the low strain GBE can be explicitly determined. It is also proposed that the GBE
mechanism examination near the critical strain for recrystallization be completed by a
deformation path of plain strain compression or tension where the theirs is uniform strains
through thickness.
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Furthermore, near-field high-energy diffraction microscopy provides the ability to
examine the evolution of TRDs from the as-deformed state and various levels of recrystallization
sequentially. A combined approach with examination of both in-situ electron microscopy
techniques and sequential three-dimensional diffraction microscopy provides the maximum
chance of exploring the early stages of recrystallization as a function of prior strain.
It is also proposed that this type of simple processing route can be explored in other
similar stacking fault energy and crystal structure. Particular emphasis here is placed on the
twinning and grain boundary character evolution in relatively unexplored multi-component alloys
composed of 3d transition metals such as CoCrFeNiMN high entropy alloy. CoCrFeNiMn has
recently shown to provide excellent cryogenic mechanical properties [281]. The ability to tailor
the GB network through a similar low strain GBE process in this thesis should be explored to
further elucidate applications for this relatively new class of alloys such as high temperature
oxidation and corrosion environments.
In order to provide better validation and synergism between modeling and experimental
efforts related to point defect absorption and solute segregation at GBs, the full grain boundary
character of the experimental boundaries must be determined. For example, neither the Σ11
{113} or {332} symmetric tilt GB has not been explored experimentally in terms of radiation
induced segregation or point defect evolution under irradiation. However, this GB structure is
commonly used in understanding irradiation induced defect grain boundary interactions [91,93].
The experimental challenge of finding a Σ11 without significant deviation in the misorientation in
polycrystalline, coarse grain materials is a significant challenge. It is proposed that Σ11 GBs or
other types of specific GBs to be grown by well-known bicrystalline solidification methods for Ni
or Cu. The controlled bicrystalline growth methods allow for the full macroscopic degrees of
freedom of the GB to be determine. By a controlled bicrystalline irradiation experiment, further
microstructural insight can be obtained in coupled experimental and modeling studies.
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The use of nanocrystalline and UFG materials as an effective method for grain boundary
sensitive design is still in the early stages of development. One particular concern is the
evolution of the grain boundary network at elevated temperatures for extended periods of time in
a reactor environment. It is proposed that future work be completed to explore GB stabilization
methods under long term, high temperature, high dose (> 200 dpa) irradiation. Here, GB
thermodynamic (Cu-Ta [282] or Fe-Zr [283] model systems) or kinetic stabilization (severe
plastically deformed oxide dispersed or other nanocluster dispersed steels [284]) could provide
the optimize processing route for the use of nanocrystalline and UFG materials for Generation IV
structural applications.
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