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Abstract

The titanium alloy Ti-6Al-4V has been favoured by the aerospace industry for the past
several decades due to its good combination of specific mechanical properties,
alongside corrosion and fatigue resistance. Titanium alloys are naturally suited to the
near net shape processing technique of Additive Manufacture (AM) due to both the
inherent high cost of the raw materials, and the difficulties associated with machining
the alloys. Unfortunately, the combination of Ti-6Al-4V with AM has been found to
lead to undesirable microstructures with respect to large columnar prior B grains being
found to grow potentially across the entire height of builds. This microstructure has
been shown to lead to property anisotropy and poor fatigue resistance. However, it has
recently been found that the integration of an additional process step that lightly
deforms the deposited material between added layers leads to the refinement of this
undesirable microstructure.

This work characterises the effect that two different deformation processing techniques
have on two different additive manufacturing processes; the effect of peening on a laser-
powder AM technique, and the effect of rolling on an electric arc — wire AM technique.
In both cases far more randomly textured prior B grains were found with an average
grain size of > 100 um rather than mm long columnar grains with a common <100>
growth direction formed in the non-deformed builds. The refined B microstructure was
found to lead to a reduction in texture of the room temperature o phase. The low stains
involved (>10%) indicated that the refined grain structures did not form by traditional
recrystallisation mechanisms.

In-situ EBSD measurements at temperatures spanning the a — 3 phase transformation
have been used to observe the growth of new B orientations from crystallographic twins
in the deformed microstructure that may explain the origin of the refined grains. New [
orientations were observed to grow from twinned o colonies and from between o laths,
where the new B is found to grow sharing a twinning relationship with the residual f.
Simulation of both of the individual processing steps under laboratory conditions has
been found to successfully replicate the refinement observed in process. Orientation
analysis suggests that twinning of the residual  could lead to the texture observed in the
refined grains. It is therefore suggested that the refined grains are formed from f
twinned regions in the deformed material growing under the o — [ phase
transformation, as the material is heated by the next added layer during AM.
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1. Introduction

Despite being a relatively new family of processing technologies, Additive Manufacture (AM)
has rapidly caught the imagination of designers and engineers due to its ability to manufacture
geometrically complex components near-net shape out of a large range of materials. Commonly
referred to in the media as ‘3D-Printing’, additive manufacture consists of a large family of
processes that all share the principle concept of using a moving heat source in a controlled
pattern to consolidate a material feedstock to build up a component layer-by-layer. The ability
to manufacture near-net shape is particularly beneficial where the raw material costs are high
and where traditional processing routes are difficult. Therefore, titanium alloys are particularly
well suited to additive manufacture due to both the difficulties associated with machining them,

and the inherent high cost of the raw material.

A significant proportion of global titanium metal production is concerned with the aerospace
industry, so it is of no surprise that there has been heavy investment by the industry to further
AM technologies. Particular focus has initially been put on improving the understanding of
additive manufacture with Ti-6Al-4V, an alloy favoured by the aerospace industry for the past
several decades due to its good specific mechanical properties at moderate elevated

temperatures, excellent corrosion resistance, and well understood fatigue resistance [1].

Figure 1:1. Entire demonstrator winglets built by Wire-Arc Additive
Manufacture (WAAM), adapted from [2].

11
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Unfortunately, the combination of Ti-6Al-4V with AM has been found to lead to undesirable
microstructures where large columnar prior B grains are found to grow across many added
layers, and potentially across the entire height of the build. These columnar grains are found to
grow with a common <100> growth direction, leading to a textured build [3]. Texture is
partially inherited through a phase transformation to predominantly o phase at room and
operating temperatures due to an orientation relationship maintained through the phase
transformation. This microstructure has been found to influence mechanical property anisotropy
and is expected to lead to other undesirable properties such as poor fatigue resistance [4].

(001)

Figure 1:2. Example of the highly textured prior-p columnar microstructure
observed in the AM of Ti-6Al-4V; adapted from [5].

However, it has recently been found that the incorporation of an additional process step that
lightly deforms the material between every added layer breaks up or refines this undesirable
microstructure replacing it with a far finer, seemingly equiaxed prior-p grains [6]. Prior to this
study the mechanism, which leads to the formation of this refined microstructure, was not
understood as the low strains involved (>10%) indicate that the refined grain structure does not

form by traditional recrystallisation.

It was the aim of this study to characterise, and understand the mechanisms behind the
formation of the refined microstructure that is created when additive manufacture is combined
with deformation processing. The work included in this thesis has been born out of LATEST2, a
collaboration between academia and industry to understand and develop Light Alloys Towards

Environmentally Sustainable Transport.

12
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6 mm

Figure 1:3. Examples of etched micrographs of the cross section of Ti-6Al-
4V AM walls showing in (a) the conventional coarse columnar prior
structure of an as built wall, and in (b) the high level of prior B refinement
achieved by rolling between layers of deposition; adapted from [6].

This work characterises the effect that two different deformation processing techniques have on
two different additive manufacturing processes; namely the effect of peening on a laser-powder
AM technique, and the effect of rolling on an electric arc — wire AM technique. This study
makes extensive use of Electron Backscattered Diffraction (EBSD) to measure the orientation of
a grains in various Ti-6Al-4V structures built by hybrid AM and deformation processing
techniques. The o EBSD measurements were not only used to measure the effect the added
deformation has on texture, but also to reconstruct the high temperature prior-p grain structure.

The B refinement mechanism was investigated by two experimental techniques; the direct
observation of the phase transformation in-situ by EBSD at temperatures over the a—f} phase
transformation, and by simulating both the deformation processing step and the thermal cycle of
an AM layer addition under laboratory conditions in order to replicate the refinement process.

The intended outcome of this study was to better understand the mechanism by which the
refined B microstructure is developed so that it can be better exploited in the future, and
potentially extended to other processes.

The structure of this thesis is as follows; after a literature review and a section on the
experimental techniques used, the main body of the thesis is presented in an alternative format,
being comprised of four paper manuscripts with a further traditional chapter of additional results

given before the final concluding chapter.

13
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The literature review provides a background understanding of AM, titanium alloys, and the two
in combination, and summarises current knowledge in the field. The experimental section gives
a background and justification to the experimental techniques used, with details of the
experimental parameters adopted provided in the relevant manuscripts themselves. Rather than
being placed in order of publication, the manuscripts are arranged in an order to give a more
coherent story to the study. The first two manuscripts characterise the effect on the
microstructure that different deformation processes have on separate AM techniques, and the
following two manuscripts proposing mechanisms to explain those observations. Two of the
manuscripts (Manuscripts 1 & 3) have undergone peer review and have been published in
global conference proceedings, one of the paper manuscripts (Manuscript 2) was recently
published in the peer reviewed journal ‘Materials Characterization’, and the final manuscript is
in draft form and will be submitted in the near future. The additional chapter of results presented
after the manuscripts contains numerous experiments that although do not warrant publication
in themselves, do further the narrative and add to the discussion from the papers, as well as
corroborate some of the earlier findings. The final section of this document is intended to
summarise the key points of the manuscripts and tie them together with mutual conclusions and

comments on suggested future work.

14
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2. Literature Review

The following literature review is structured in such a way that the first three sections give a
general introduction to additive manufacture, deformation of metallic systems, and titanium
alloys in that order. The subsequent literature review sections build on the introductory ones,
and focus in more depth on the topics with the most relevance to this thesis, firstly by going into
greater detail on the titanium alloy investigated, Ti-6Al-4V, before discussing it in combination
with additive manufacture and deformation processing. Finally a brief summary is given,

putting the reviewed literature into context with the study.

2.1. Additive Manufacture

2.1.1. Introduction

Additive manufacture is a term that is used to describe a relatively new family of processes that
are able to fabricate near-net shape components from wire, or powder, feedstock by the motion
of a focused heat source, to build up a part layer by layer. Due to the relatively recent
development of AM, several alternate terms for the technology are still present in the literature
and in common vernacular, these include: Rapid Prototyping (RP) [7], reflecting the history
behind the processes, Additive Layer Manufacture (ALM) [8], due to the layered nature of the
process, and 3D Printing (3DP), a terminology much used by the media as it enables a laymen

to better understand the concept [9].

AM has been used to process a range of material feed stocks from polymers [10], to ceramics
[11], and composite structures [12], but due to the scope of this project, the rest of this

discussion will be focused on metallic AM techniques.

Basic Principles of Additive Manufacture
The term additive manufacture covers a relatively diverse family of processes, an overview of

which will be given in 82.1.2. However, they can all be simplified to consisting of the following

steps, summarised in Figure 2:1.

3D CAD Model Slicing AM process = Finished part
assembly layer by layer

Figure 2:1. Schematic showing the four key steps common to all additive
manufacturing techniques [13].
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Step 1: CAD Model
All AM parts start off as a 3D computer model that fully describes the geometry of the desired
part. This is generally made using Computer Aided Design (CAD) software. Alternatively, the
computer model can also be generated by reverse engineering from an actual object by, for
example, laser scanning [14].

Step 2: Conversion to Layers
In order for the 3D design to be built by the AM machine it is necessary for it to be divided into

layers that the AM machine can then build up one after the other in order to build up the 3D
component. The development and an adoption of a standard file type by both the CAD software
developers and the AM machine producers has simplified this process [15] .

Step 3: Build
The material is deposited and fused in layers to build up the desired component. This step is

usually the least labour intensive as most machines are fully automated [9].

Step 4: Removal and Post-processing
The majority of AM processes will leave the finished part attached to a baseplate that,

depending on the part design, may need to be removed, as well as sacrificial structures added to
support overhanging elements [9]. Additional post-processing heat treatments may include: Hot
Isotactic Pressing (HIP) in order to reduce the porosity [16], machining for specific surface
finishes [17], and heat treatments [18].

Benefits of Additive Manufacture
Each of the AM processes have their own advantages and disadvantages. However, there are

some general statements that are true across all AM processes.
Advantages include:

e AM is able to fabricate parts very close to the desired dimensions (near-net shape)
usually requiring only minimal post-process machining to achieve the desired
dimensions and surface finish [9].

e AM is an additive process rather than a subtractive one, unlike traditional techniques
such as machining, which leads to considerably less wastage. A commonly used
measure of the manufacturing efficiency by the aerospace industry is the Buy:Fly ratio,
which is simply the ratio of the weight of the material used to the weight of the
component fabricated from it. AM is potentially able to fabricate components with a
Buy:Fly ratio of 2-3:1 as opposed to traditional methods that can have Buy:Fly ratios of
upwards of 20:1 [19].

e The use of AM can dramatically improve the development cycle when designing new
parts by reducing both the associated cost and lead time in the fabrication of tooling

required in traditional manufacture techniques, such as forging and die-casting [20].
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e With most AM techniques it is possible to manufacture complex shapes that would be
difficult or impossible to fabricate with traditional techniques, for example, creating a
component with an internal cellular structure [21].

e AM also has the potential benefit of being able to fabricate functionally graded
components. This could be achieved either by varying density in the build [22] or

grading the material [23].

Disadvantages of AM processes can include: low productivity relative to traditional
manufacture, a high initial cost outlay, and the high cost of feedstock material. However, the
relative scale of these drawbacks are more linked to the deposition technique being used, and so

will be discussed more in the following section.
2.1.2. Additive Manufacture Techniques

There are a range of AM techniques that have been developed by various companies and
institutes. This has led to the trademarking of methods by these individuals. However, the AM
techniques can generally all be classified by nature of the material feedstock (powder or wire)
and by the heat source used to melt it (electron beam, laser beam or electric-arc). This section
gives a brief description of the most common techniques before weighing up their relative

advantages.

Powder based techniques
Powder based AM techniques are further subdivided into two further families of techniques:

powder bed and blown powder. Powder bed incorporates a bed of powder and a focused heat
source that traces over it in a pattern dictated by the CAD model, in order to fuse the powder in
each layer. After the layer is complete, a new thin layer of the powder is redistributed over the
fused layer so a subsequent layer can be added. In the blown powder techniques the powder is

fed straight into the melt pool created by the directed heat source via an inert carrier gas.

The powder bed techniques can use either an electron beam (selective electron beam melting —
SEBM) or laser beam (selective laser melting — SLM) as a heat source. A schematic of the laser
process is given in Figure 2:2, the basic SEBM set up is very similar to this with the exception

of the heat source.
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Figure 2:2. Schematic of a laser based powder bed additive manufacture
machine [24]

A controlled atmosphere is required when using a powder bed system. A vacuum is required for
SEBM in order to avoid scattering of the electron beam by gas atoms as well as preventing

oxidation [9]. SLM in comparison does not require a vacuum, but a protective atmosphere of
inert gas is still required to prevent oxidation with most materials [24].

Blown powder techniques are limited to using a laser as a heat source due to the inability to
operate in a vacuum, which rules out the use of an electron beam. Several terminologies exist

including Laser Engineered Net Shaping (LENS) [25] and Laser Additive Manufacture (LAM)
[26]. However, these techniques generally all include the same elements as shown in Figure 2:3.
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Figure 2:3. Diagram showing the basic set up of blown powder AM
techniques; adapted from [27].

This process functions by focusing a laser beam on the substrate surface to create a melt pool.
The powder is then propelled by an inert carrier gas, and injected into the melt pool via a nozzle
to create a deposition track. An inert shield gas is often required in order to protect the high
temperature deposition from oxidation. Spatial control of the deposition is either managed by
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manipulation of the work piece under the fixed laser beam [28] or by manipulation of the tool

head around the work piece [29].

Wire based techniques
The electron beam and laser heat sources can also be used to melt a wire feed stock [17,30], but

it is more common to use an electric arc torch, with possible heat sources including both
tungsten inert gas welding (TIG) [31], metal inert gas arc welding (MIG), and plasma arc [32].
The TIG set up is shown in Figure 2:4, though the principle is similar for all three processes,
with the directed heat source simultaneously creating a melt pool and melting the wire being fed
into it. The only exception is the MIG torch, where the feedstock wire is used as a consumable
electrode in the creation of the arc that generates the melt pool [32].

Single axis manipulator

_
Ol 116 torch
‘/W| re feeder
_
L
Ve P Iee

Figure 2:4. Schematic of a TIG based wire AM technique; adapted from [33].

Although the use of a controlled inert atmosphere is desirable for the arc based processes in
order to avoid oxidation, it has been found that minimal oxygen uptake occurs with the use of
an efficient trailing gas shroud [34]. As with SEBM, a vacuum chamber is required with the use

of an electron beam heat source [17].
2.1.3. Comparison of AM techniques

Table 2:1 gives an overview of the maximum capabilities of the different AM techniques,
though it should be noted that these only give an indication of what the equipment can achieve
when pushed to extremes. It would be impossible to achieve both the maximum build resolution
and deposition rate as stated in Table 2:1 simultaneously, with the deposition rate and layer
height understandably falling when attempting to build finer features. The relationship between
resolution and build rate for the beam based technologies is shown in Figure 2:5, and this trade-

off is seen across all AM technologies.

19



J. Donoghue — PhD. Thesis

Table 2:1. Maximum achievable parameters of the different AM platforms.
Data taken from catalogues of commercially available equipment where

available.
Resolution” Build Rate  Component Size
Heat Source Feedstock (cm) (cm*/h) (mm) References
Electron Beam Powder Bed 0.010 80 @ 350 x 380 [35,36]
Wire Feed 0.250 2500 300 x 300 x 150 [17,37]
Laser Beam Powder Bed 0.015 100 500 x 365 x 280 [38-40]
Powder Feed  0.025 110 900 éégoo X [41]
. 1000 x 1000
Arc Wire Feed 3.000 270 1500 [42,43]

* Often quoted ‘minimum feature size’, approximately akin to melt pool diameter.
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Figure 2:5. Schematic figure demonstrating the general relationship between
deposition rate and resolution for different beam powers [44].

Due to the small melt pool size, the use of a powder bed allows for the highest dimensional
accuracy of all the AM techniques, and leads to the ability to fabricate highly complex shapes
with a good surface finish and good utilisation of the powder [45]. There is a certain amount of
overlap in the capabilities of the laser and electron beam heat sources in terms of the build rate
and resolution; however, it is generally the case that the SEBM can achieve a higher deposition
rate for the same resolution than SLM [38]. Other advantages for the SEBM process include
greater power efficiency, due to the greater efficiency of the electron gun compared to lasers
[9], and no issues with reflectivity of the powder leading to a greater absorption of the beam
energy [3]. The laser based systems benefit from the simpler construction of a chamber to
provide an inert atmosphere compared to a vacuum chamber, allowing for larger builds and

cheaper systems [9].
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The use of blown powder systems sacrifice the ability to go to quite as high resolutions as the
powder bed systems, but allow deposition on 3D surfaces enabling the use of the technology for
repair purposes [46]. However, there is often lower feedstock utilisation due to difficulties of
powder capture by the melt pool, and the processes also tends to lead to a high surface
roughness, as semi-molten powder adheres to the surfaces [30]. The semi-molten powder can
also lead to high build porosity unless parameters, such as powder feed angle, are selected
carefully [7].

The wire based techniques, though not as suitable for creating fine detail as those using a
powder feedstock, benefit greatly from a much higher deposition rate. Wire based techniques
also benefit from using a cheaper feedstock, as the fabrication of good quality metallic powders
is an expensive process, and have much greater material utilisation, with close to 100% of the
feedstock ending up in the wall of the component [30]. Wire + Arc Additive Manufacture
(WAAM) techniques have the lowest resolution of all the AM techniques and are thus limited to
large structural parts, but benefit from high build rates, lower initial investment, and from the
relative simplicity of the process [43]. As sufficient oxygen protection can often be provided by
a gas shroud, there is no need for a controlled atmosphere like with other AM techniques,
allowing for a virtually limitless build size that is only dependent on travel of the robot that

directs the deposition torch.

The work contained within this thesis is concerned with combining additive manufacture with
an added deformation step. The basic descriptions of the different AM techniques given above
were for the benefit of the reader and it should be noted that the majority of the techniques
would be unsuitable for incorporation with a deformation step. For example, it is unlikely that
the SEBM process would be combined with a deformation step due to the cost implications
associated with the fabrication of larger vacuum chambers to encompass an additional piece of
equipment. By the same token, the disruption caused to a bed full of loose powder by any
deformation step would also prevent these AM systems being combined with a deformation
step. Therefore, the AM platforms that are most easily combined with a deformation step are
laser blown powder and wire based additive manufacture methods. It is these methods that are
the subject of this investigation and are covered in further detail throughout the rest of this

thesis.
2.1.4. Deformation Processing in AM

Deformation is utilised in metallurgical processing for two purposes: firstly, to shape the
component to desired dimensions, and secondly, to improve the mechanical properties. As AM
is a family of near net shape fabrication techniques, the ability to shape the component by
deformation processing is mostly redundant. Therefore, the benefits that can be garnered by the
addition of a deformation step to AM are largely associated with an improvement to mechanical
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properties as a result of modifying the microstructure and texture and this aspect will be
discussed in greater detail in the following chapters. The discussion of deformation processing
is limited in this section to the deformation techniques that can be successfully combined with
AM.

Rolling
Rolling is most commonly carried out between two rollers during processes such as sheet

production, however this would be near impossible to achieve with AM deposits. It is more
feasible to run a single roller across the top of a deposited layer, as has previously been applied
to welds in order to reduce residual stresses [47,48]. Rolling has been applied to wire based AM
techniques with steel [33] and titanium alloys [42], to reduce residual stresses. In the case of the
titanium, an unexpectedly well refined microstructures was also found in addition to the
reduction in residual stress. The refined microstructure will be described more fully in 82.5.3. In
both of these studies the wall was a single track wide straight wall as it is substantially easier to
apply rolling in AM to simple geometries, due to inevitable inhomogeneity in the distribution of
the deformation with more complex geometries. However a recent study by Xie et al. [49] has
investigated what they have termed a ‘metamorphic’ rolling system with steel deposition, that
adjusts the rollers in contact with the build depending on the geometry, as shown in Figure 2:6,

in order to improve mechanical properties and geometrical accuracy.

(a) (b)
Welding
torch

Rollers

Metal
wire

Figure 2:6. (a) Schematic of the ‘metamorphic’ rolling system developed
by[49] with plan views of how it adapts for single (b), and multi-pass
deposits (c); adapted from [49].
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Peening
Peening is a commonly used technique for plastically deforming the surface of a component.
One of the most common ways to do this is via ‘shot peening’, where many small spherical
particles of a hard material are projected at the surface of a component with sufficient force to
deform it. This would not be practical to combine with additive manufacture due the time it
would take to set up, peen, and recover shot between the addition of every layer during the
process. In contrast, Ultrasonic Impact Treatment (UIT) is a reasonably recent variation of
peening that does not have this difficulty. In UIT, an ultrasonic transducer is coupled with hard
pins that are held in place but free to oscillate along their axis. The pins have a normalised
wavelength with respect to the carrier frequency and are therefore excited by it. The pins are put
in contact with the component surface and deform it by many ultrasonic impacts [50]. In the
literature, UIT has not been previously combined with AM. However, several studies have
reported the benefits of UIT for extending the fatigue life of welds, over more traditional

peening methods [51-53].

Forging
Both rolling and peening have the potential to be integrated in to an additive manufacture

technique at any stage of the process, for example, between every layer of deposition. However
a third technique developed by Alcoa includes a forging deformation step as the final stage in

the process as shown in Figure 2:7.

3D PART 3D-PRINTED FORGING FOR FINISHED PART
DESIGN PART TO NEAR ENHANCED PROPERTIES
COMPLETION
b
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Figure 2:7. Schematic of the major stages of the Ampliforge™ Process
developed by Alcoa [54].

Alcoa has named this process ‘Ampliforge’ and states that the addition of the forging stage
leads to improved mechanical properties [55]. However the necessity for a specific die for each

part negates two of the greatest advantages of AM, flexibility and a short lead time.

2.2. Deformation Mechanisms

In order to understand the potential benefits that a deformation step can add, it is important to
have some understanding of the mechanisms by which metallic crystals accommodate
deformation. The following discussion gives a brief general introduction and overview of the

main deformation mechanisms, as well as the effect it can have on microstructure and

23



J. Donoghue — PhD. Thesis

mechanical performance in the general case. Deformation in combination with Ti-6Al-4V and

AM will be discussed in more detail in 80 and §2.5.3 respectively.
2.2.1. Crystallographic Slip

Slip is the most common mechanism by which metal crystals deform. Slip can only occur on
specific slip systems, involving a combination of a particular slip plane and slip direction; this is
usually on the close packed planes in the close packed directions. For example, in face-centred
cubic (fcc) metals slip primarily occurs on the close packed {111} octahedral planes in the

<110> close packed directions [56]. For slip to occur, a shear stress is required.

The shear stress, 1, is the Resolved Shear Stress (RSS) on the slip plane in the slip direction

given by

T—Acosqbcos

Equation 1

where / is the angle between the load applied, F, and the slip direction, making ‘Fcos®’ the
component of force in the slip direction. And ¢ is the angle between F and the slip plane

normal, making ‘A/cos ¢’ the area over which this acts. This can be visualised with figure 2:8.

Slip plane F

Slip direction

Figure 2:8. Illustration of the geometry of slip within a single crystal [57].

The quantity ‘cos ¢ cos A’ is known as the Schmidt factor. Schmidt and others found that a slip
system will only become active when the RSS reaches a critical value, ¢, otherwise known as
the Critical Resolved Shear Stress (CRSS) [58]. t. is independent of crystal orientation and slip

will primarily occur on the slip system with the highest Schmidt factor.
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Von Mises determined that there have to be 5 impendent slip systems active in order to
accommodate a general shape change during deformation [59]. In fcc crystals this criterion is
usually easily satisfied as the structure is highly symmetrical. With other less symmetric crystal
structures, such as hexagonally close packed (hcp), it can be more difficult to find 5 independent
slip systems. In situations where slip is not favourable, other deformation mechanisms, such as

twinning, are required to accommodate a shape change.
2.2.2. Dislocation Theory

The stress that would be required to simultaneously move an entire plane of atoms past another
would be enormous; and the mechanism that allows slip to occur at a much lower CRSS is the

movement of crystallographic defects known as dislocations.

Dislocations are line defects that exist in two main types; edge and screw. The pictorial
representation of an edge dislocation in figure 2:9 demonstrates how the movement of a

dislocation can occur and how it can lead to the net deformation by slip of the crystal.
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Figure 2:9. The movement of an edge dislocation under a shear stress through
a lattice [57].

The edge dislocation is essentially a defect caused by an extra half plane of atoms that
terminates halfway through the crystal lattice. Only a small change in position is required by
relatively few atoms close to the defect for the dislocation to move. Figure 2:9 also highlights
the importance of the ‘Burgers vector’ when discussing dislocations. The Burgers vector
represents the magnitude and direction of the lattice distortion caused by a dislocation in a
crystal lattice and can be visualised as the difference between a circuit made around a perfect
part of the lattice and one containing a dislocation as shown in figure 2:10. This can be related
to figure 2:9 as adjacent atoms across the slip plane are displaced by a burgers vector by the
passing of a dislocation. Therefore the slip direction is parallel to the burgers vector. Screw
dislocations differ from edge in that the Burgers vector is parallel to the line defect, rather than

normal to it, however slip is still parallel to the burgers vector.
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Figure 2:10. Burgers circuit around an edge dislocation and the same circuit
in a perfect crystal, where M to Q is displaced by the Burgers vector [57].

2.2.3. Twinning

Twinning consists of the sudden coordinated movement of atoms within a crystal under shear to
symmetrically recreate the crystal structure at a different orientation, but with retained shared
lattice points with the parent crystal. This is shown schematically in figure 2:11.
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Figure 2:11. An example of the geometry of twinning for an FCC lattice;
adapted from [60].

26



J. Donoghue — PhD. Thesis

Deformation twins tend to form lens shaped structures across their parent grain. The twin
transformation can be considered to occur in three stages: nucleation, propagation and growth.
Nucleation tends to occur at grain boundaries, as the they provide a stress concentration and a
heterogeneous site for nucleation to occur [61]. Twin propagation occurs very rapidly until
impingement at a grain boundary, although twins have been observed to propagate across

boundaries of similarly orientated grains [62].

The resolved shear stress required to initiate a twin transformation is generally greater than that
required for slip, but if there is a limited number of possible slip systems (as with HCP metals)
and the crystal is orientated so that these are unfavourable (i.e. with a low RSS), then the crystal
is more likely to deform by twinning. As the shear stress required for twinning is still
significantly less than would be required to simultaneously move all of the atoms within the
twinned region, it is apparent that twinning is also facilitated by dislocations [56]. The
dislocations that allow twinning to occur are generally more complex than those considered
above with slip, and will not be described in detail here, but often involve a dislocation splitting
into several partial dislocations, to define a twinned region spanning several planes known as a

‘zonal dislocation’ [61].

The propensity for twinning is sensitive to grain size with it generally found that twinning
occurs more easily with larger grains [63,64]. However, below a certain grain size, it is found
that the critical stress needed to activate deformation twinning drops dramatically, as shown
schematically in Figure 2:12 [64]. The cause of this behaviour is believed to be due to the
reduced probability of the presence of defects in a nanoscale-volume of material to act as a
dislocation sources to facilitate slip [64,65]. This behaviour has most commonly been observed
in fcc materials [64,66], although it has recently been confirmed to also be present in nano-

grained bcc structures [65].
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Figure 2:12. Schematic description of the effect of grain size on the critical
stress needed to activate deformation twinning; adapted from [64].
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2.2.4. Effect of Deformation on Crystallographic Orientation

Both slip and twinning are associated with creating an orientation change in the crystal being
deformed. For every slip system there is an associated rotation of the lattice with respect to the
loading direction. This rotation can cause the Schmidt factor on the active slip system to change
to a point where another slip system is orientated preferentially for slip. Single active slip
system deformation only really occurs in unconstrained circumstances (i.e. single crystals). In
polycrystalline systems, where grains are constrained by their neighbours, multiple slip systems
can be active and the lattice rotation is a resultant of the displacement of these slip systems. As a
grain is not constrained equally across its volume, different parts of the lattice may have
different slip systems active, causing different rotations and grains to split into deformation
bands. The lattice can accommodate these ‘misorientations’ via ‘geometrically necessary’

dislocations [57].

Twinning can be seen as a short cut to orientation change as it rapidly transforms a part of the
lattice to completely different orientation. In comparison the shear strain required to achieve this
same orientation change by slip would be far greater.

2.2.5. Effect of Deformation on Texture

The spread of crystallographic orientations in a polycrystalline material is rarely random due to
the propensity for one or more orientation to develop preferentially, either after solidification or
a thermomechanical process. This preferred orientation is known as texture. The presence of
texture in a material has been shown to affect numerous material properties causing anisotropy
in strength, ductility and toughness, especially in materials with a more anisotropic crystal

structures, such as hexagonally close packed metals [67].

As both slip and twinning are associated with an orientation change for the crystal being
deformed, deformation causes a change in texture of polycrystalline materials. Deformation can
lead to a weakening of texture as the preferentially orientated grains are deformed and rotated
away from their previous orientation. Alternatively, under constant deformation conditions,
textures can be strengthened as non-aligned grains are rotated towards a preferential direction.
The change in texture achieved is dependent on the direction and extent of the deformation, as
well as the starting texture. The stating texture is important as it is the initial orientation of the
grains with respect to the loading direction determines which deformation systems will be active
first [68].

2.2.6. Stored Energy, Recovery and Recrystallisation

During the deformation of a polycrystalline material, 99% of the work put into the material is

expended as heat; however, the remaining energy is stored within the material as dislocations
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and other defects [69]. Deformation increases the number of dislocations by the trapping of

existing dislocations and the generation of new ones.

These dislocations are the origin of the work hardening effect of deformation. As the density of
dislocation density increases, so does the number of dislocation interactions. If dislocations lie
on the same slip plane then they can annihilate each other if they are oppositely orientated,
essentially restoring the lattice locally. If the dislocations are similarly orientated within the
lattice then they will repel each other due to the interaction of their associated strain fields
repelling each other, making slip by dislocation movement more difficult, and the material
stronger. However, greater material strengthening is achieved by dislocations on different slip
planes cutting across each other. Dislocations intersecting each other will result in a small
section of each dislocation line becoming shifted onto a different atomic plane, known as a
‘jog’. If the jog is no longer on the slip plane then it is considered ‘sessile’ and is unable to
glide, increasing strain hardening. Heating to approximately one third of the melting point of a
metal gives the dislocations enough mobility to climb crystallographic planes and reorder
themselves in a process known as recovery [69]. Recovery causes some dislocations to
annihilate with each other and the others to assume a more stable orientation, increasing

material ductility at the cost of strength.

Recrystallisation can also occur, where grains free of dislocations are grown from the deformed
lattice creating a new microstructure. The driving force for this change is the difference between
the stored energy within the grains. Recrystallisation can either occur on subsequent heating
after deformation, or while deformation is occurring, which is termed dynamic recrystallisation.
The resultant microstructure will have a different grain size and texture to that prior to

recrystallisation [69].

The recrystallised grain size achieved is highly dependent on the parameters of the deformation,
reheating, and the starting microstructure. However, the final grain size is often desired to be as
fine as possible to increase strength by the Hall-Petch relationship which states that the yield

stress of a material, Ty, is related to the grain size, d, by the following relationship:

oy, = 09+ kyd™"
Equation 2

Where g, and k,, are materials constants and n has a typical value of 0.5 [70].

The grains in a recrystallised microstructure also do not tend to be randomly orientated, but
have a preferred texture. The recrystallisation texture is controlled by the orientations of the
recrystallised nuclei, and the relative rate at which these grains grow. A few of the major factors

that can affect this include: the starting deformed microstructure, deformation temperature and
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the influence of a second phase [69]. Recrystallisation of titanium alloys will be covered in

greater detail in §2.4.1.

2.3. Titanium Alloys

2.3.1. Introduction

The use and development of titanium alloys has been dominated over the past half a century by
the aerospace industry. This is due to the alloys having many desirable properties (such as high
specific strength and stiffness, as well as corrosion resistance) but applications have been
limited by the high cost of the extraction and processing of titanium metal [71].

Titanium alloys are suitable for use in aerospace components as they have a high strength-to-
weight ratio and provide substantial weight savings in comparison to steel. However, this does
not lead to as greater a use of titanium alloys as one might expect, as the specific stiffness of
titanium alloys is similar to that of high strength aluminium alloys but at a significantly higher
price. Titanium finds its niche wherever volume constraints would rule out the use of thicker
gauge aluminium components, or where elevated temperature becomes an issue as titanium
alloys have a far higher temperature operating range [1]. Titanium alloys are also finding
increasing use in the aerospace industry due to their superior compatibility with composite
materials [72], as the industry drives to reduce weight by increasing the amount of composite

materials used in aircraft manufacture.

This section gives a brief background to the metallurgy of titanium alloys, including their
crystallography and deformation mechanisms, before focussing the discussion on the alloy that
is the main focus of this work, Ti-6Al-4V. Finally, a brief discussion on the suitability of
titanium alloys for processing by additive manufacture is given, leading into the following and
final section of this literature review that covers the microstructure formation and mechanical
properties in AM of Ti-6Al-4V.

2.3.2. Classification of Titanium Alloys

Pure titanium has an alpha (o) hexagonal close packed stucture (hcp) at room temperature that
undergoes an allotropic phase transformation to a body centred cubic (bcc) beta (B) structure at
a B-transus temperature of approximately 882°C,which stays stable up to the melting point of

1625°C [73]. These two crystal structures are shown in figure 2:13.
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Figure 2:13. The a (hep) and B (bee) unit cells of titanium. Also indicated are
the most closely packed planes; adapted from [74].

As titanium is a transition element with an incomplete outer shell in its electronic structure, it is
able to readily alloy to form substitutional solid solutions with most transitional elements within
a reasonable size difference to the titanium atom [74]. In addition, several non-metallic
interstitial elements readily dissolve into titanium. These alloying additions have a profound
effect on mechanical properties, in part due to the effects of solid solution strengthening, but the
additions often stabilise one of the phases so that either phase, or both, are present at the

operating temperature [74].

The difference in deformation behaviour between the o and  phases is largely due to the lack of
symmetry in the hcp crystal system making deformation more difficult to occur. As a result, the
a-phase has lower ductility than the B-phase, but has significantly higher creep resistance [74].
The a-phase also benefits from higher strength and stiffness, but is more anisotropic, for
example; the Young’s modulus for an pure titanium o crystal varies from 145 GPa to 100 GPa,

depending on the direction of the applied load relative to the crystal orientation [74].

Material properties other than mechanical properties also vary dependant on the phase
distribution and volume fraction. The B-phase is found to be both thermally [3] and electrically
[75] more conductive than the a-phase. The variation in electrical resistivity with temperature is
shown in Figure 2:14, it can be seen that there is a dramatic increase in the conductivity at

~1150K as titanium transforms from o to B-phase.
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Figure 2:14. Numerous studies of the effect of temperature on the resistivity
of commercially pure titanium collated by Ref[75]. The lines 11 to 14 show
the influence of impurities of 0.01%, 0.1%, 0.3% and 0.5% respectively.

Due to the dual phase polymorphic nature of titanium, and the many alloying additions used in
titanium alloys, there are numerous complex phase diagrams of alloy compositions. However,
for convenience it is possible to simplify the effect of many of the major alloying additions
down to four types, depending on the effect they have on relative phase stability. These are
shown in Figure 2:15.

Alpha stabilisers are those that dissolve preferentially into the a-phase. These include
aluminium, oxygen, nitrogen and carbon. By stabilising the a-phase they increase the -transus
temperature. Aluminium is the principle a stabiliser used and increases tensile strength by

causing solid solution hardening.

Beta stabilisers decrease the -transus temperature and can be split into two types,
isomorphous stabilisers and p eutectoid stabilisers. The -isomorphous stabilisers include
molybdenum and vanadium which are isomorphous with, or totally soluble in titanium. The -
eutectoid elements are those that form intermetallic compounds with titanium and include
copper and nickel. However, the eutectoid reaction is generally quite slow and can usually be

treated as if it does not exist [73].

The final phase diagram in figure 2:15 is a representation of the effect of tin, or zirconium when
used as an alloying element. Addition of these alloying elements neither stabilises the o or B-
phase and so are often referred to as Neutral. However, the addition of neutral alloying
elements can still alter other material properties such as, for example, providing solid solution

strengthening.
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Figure 2:15. The four generic binary phase diagram types for titanium alloys
showing the effect of (clockwise from top left) o stabilisers, 3 eutectic
stabilisers, and those that have little effect on phase stability [76].

It has thus become standard practice to group the large number of titanium alloys by their phase
composition. The four main classifications used are a, near-o, o+f3 and 3 alloys, roughly

describing their phase compositions at room temperature.
2.3.3. Titanium o. — f and p — o phase transformations

The anisotropic properties of the room temperature hcp a-phase, does not always translate into
as strongly anisotropic fabricated parts as may be expected. This is because on cooling from the
B-phase, it is common for many a grains to be nucleated at the § grain boundaries, generally
leading to a relatively fine grained microstructure. However, there is still a texture inherited
from the B phase as there is an orientation relationship that is maintained between the  and o
through the transformation. Therefore the number of different a orientations that can form from
each B grain is limited. Preferential a variant selection can also occur, further limiting textural

weakening.

It has been confirmed that the during the polymorphic titanium phase transformation, the same
orientation relationship is maintained as was first observed by Burgers for single crystals of
zirconium (a metal with similar phase behaviour to titanium) [77]. The Burgers orientation
relationship is given by:
{11031 {0002}, (111);]|(1120),
Equation 3
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Upholding the Burgers orientation relationship ensures that there are only six possible
orientation variants of B that can form from a single a grain in the a—f transformation. There
are a further 12 o orientation variants that can be formed with the B—a transformation. If all of
the variants mentioned in the previous two transformations form within a heat cycle that sees
the material transform a—p—a, then a total of 72 variants should form with equal probability,
effectively randomising the o texture [78]. If this were to occur, then the texture of material that
has been through a heat treatment in the 3-phase several times should have a very weak texture
that bares little, if any, resemblance to the untreated material. However, there is often an
apparent preference for certain variants to form relative to others, leading to a stronger texture
than would be expected. Variant selection can lead to the phenomenon of ‘texture memory’,

where the original a texture is recovered to a certain extent after a § heat treatment [79].

There are several factors that have been found to affect texture variant selection including
deformation of the B-phase [80], an increased B grain size [81], and local internal strains [82]. A
special case of variant selection has been seen to occur when neighbouring B grains share a
(110) pole then (0002) o variants on either side of a grain boundary are selected with near
identical crystallographic orientation. This was postulated by [83] and has been confirmed by
others [80].

The texture memory effect can also be caused by the titanium alloy not being entirely single
phase before transformation. This occurs because it is more thermodynamically favourable for a
new phase to grow from a residual phase than nucleating new grains from a single phase [84].
This can occur by not fully heating into the B-phase region, meaning that there is some residual
a that new grains can grow from upon cooling. This effect is particularly prevalent in two phase
alloys where the B-phase is retained at room temperature and re-grows as the alloy temperature

is taken towards and beyond the B-transus temperature [85].
2.3.4. Suitability of Titanium for AM

As discussed in §2.1.1, one of the main advantages of additive manufacture is the ability to
fabricate parts near-net shape. This is of clear benefit in use with titanium alloys where the raw
material at ~20 $/Kg is significantly more expensive than other structural metals such as steel
(~0.75 $/Kg) and aluminium (~1.5 $/Kg) [86]. However, the cost of the raw material is not the
only cost involved with the manufacturing from titanium, as machining from titanium is more
expensive than machining from other materials due to several reasons. The poor thermal
conductivity of titanium leads to higher tool tip temperatures and increased tool wear. Tool wear
can be negated to some extent by reducing the cutting speed, but this in turn leads to increased
time of manufacture and cost [87]. Rather than achieving a continuous length of swarth of
removed material, titanium tends to release removed material as individual small chips; this
leads to tool wear by ‘chattering’; the bouncing of the tool tip along the surface due to it
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springing back into place every time a chip of swarth is released [87,88]. Finally, the chemical
reactive nature of titanium metal, with its strong alloying tendency, makes it difficult to
machine, because it has a propensity to weld itself to the surface of the cutting tool, especially at
the higher temperatures. This reduces the efficiency of the cutting edge and also increases the
tool wear. Titanium has a particular affinity towards cobalt binders, which are regularly used in
cutting tool materials [89].

The final way in which titanium is suited for additive manufacture is in its end use. Additive
manufacture is inherently suited for smaller batch production, as the large cost outlay for
bespoke dies and tooling of traditional manufacture is not split among hundreds of thousands of
identical parts. This is in line with the use of titanium, the majority of which is used in the
aerospace industry, where a relatively few of each part are required.

In a study in 2006 for Rolls Royce, Allen [19] found that it was already commercially viable to
replace traditionally manufactured components with a buy-to-fly ratio of over 12:1 with additive
manufacture, such as complex duct flanges (buy-to-fly ratio of ~20:1) as long as the
performance of the part was identical. In the same study, it was projected that with maturing
technology, AM should be able to replace traditional manufacture for components with a buy-
to-fly ratio as low as 3:1.

2.4. Ti-6Al-4V

Ti-6Al-4V is the name given to the o+p alloy where 5.5 — 6.75% of the composition by weight
is the a stabilising element aluminium, and 3.5 — 4.5% of the composition is the f stabilising
element vanadium [90].Ti-6AI-4V is the most commonly manufactured alloy of the titanium
industry, accounting for approximately 60% of all titanium metal production [1], and is the most
used titanium alloy in the aerospace industry, due to its good combination of properties of high
temperature strength, corrosion resistance, and good weldability [1]. It is largely for these
reasons that Ti-6Al-4V has been the most extensively tested and researched titanium alloy when

it comes to additive manufacture, and hence why it is the main alloy investigated in this study.
2.4.1. Microstructure of conventional Ti-6Al-4V products

The microstructure of Ti-6Al-4V is highly dependent on its thermal history. The rate at which
the material is cooled from the f-phase has a dramatic effect on the microstructure. On cooling
slowly below the B-transus, a is nucleated at the heterogeneous sites of B grain boundaries
forming a continuous grain boundary layer. Lamella a structures then proceed to grow by a
diffusional process into the B grains, consuming them. At lower cooling rates these o plates tend
to grow aligned, within close proximity, and with the same crystallographic orientation creating
a ‘colony’ microstructure. These colonies can observed in Figure 2:16a. Faster cooling rates
lead to finer a and several variants grow more intertwoven leading to a Widmanstatten or
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‘basket weave’ microstructure [91]. In these microstructures some B is retained down to room
temperature due to the growth of a enriching the p phase in vanadium to the point that the B is
stable at room temperature [92]. If the cooling is so rapid as to limit the amount of diffusion
possible, then martensitic structures can be formed. The most common martensite is o, similar
in structure to equilibrium a but with slightly altered lattice constants due to the supersaturation
of alloying elements [93]. With sufficient thermal energy for diffusion, o’ laths tend to
decompose into fine o plates [73]. An example of a martensitic microstructure can be seen in
Figure 2:16b.

Figure 2:16. Microstructures of Ti-6Al-4V: (a) Widmanstéattaen
microstructure and (b) a martensitic microstructure; adapted from [94] and
[95] respectively.

As will be discussed in the following section, such microstructures are not always desirable for
optimum mechanical properties. Alternative Ti-6Al-4V microstructures can be achieved through
more complex thermo-mechanical processing, such as that shown schematically in Figure 2:17,
which can result in either a bi-modal (Figure 2:18a) or fully equiaxed structure (Figure 2:18b)
depending on the cooling rate from step 111 of the process [74].

Temperature
[}

| Il 11} v Time
Homogenization Deformation  Recrystallization Annealing

Figure 2:17. Schematic of the processing route for developing bi-modal and
equiaxed Ti-6Al-4V [74].
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Often hot working is initially conducted in the single B phase field to recrystallise and anneal
cast material in an attempt to produce a more uniform wrought microstructure. The deformation
in the B phase field refines the very coarse prior  grain structures formed on solidification by
Dynamic Recrystallisation (DRX) [96,97]. As discussed in §2.2.6, DRX occurs at a critical
strain if the temperature is high enough [98]. It is found that the resultant DRX grain size in Ti-
6AIl-4V shows good agreement with the Zener-Holloman relationship, that higher strain rates
and lower temperatures lead to a finer recrystallization grain size [96]. However, the volume
percentage recrystallized by DRX is reduced by these same parameters. For example, it is found
that deforming at temperatures above the p transus at 1050 °C, at rates of 1 s™, and down to a
total strain 0.7, only 3.1% of the material is found to recrystallise [97]. The recrystallised
volume fraction can be increased with higher deformation temperatures, lower strain rates and

higher total strains, but none of these changes are favourable from a process practicality point of

view, and all will lead to an increase in the recrystallised grain size [99].

(a)

Figure 2:18. a) bi-modal and b) fully equiaxed Ti-6Al-4V microstructures
obtainable via the processing route shown schematically in Figure 2:17;
adapted from [100].

The a + B microstructure formed on cooling from the  phase is dependent on the cooling rate as
discussed above, but if the prior B grain size is large, it is often a combination of Widmanstatten
and colony o microstructures. Deformation in the o + 8 phase field is used to break up this
microstructure by a process known as ‘spheroidisation’ or ‘globularisation’ [101,102]. The
globularisation process describes the shape changes of a lamellar structure into a globular,
equiaxed, morphology. Globularisation is found to occur in a two-step process when the
deformation causes intense shear bands to form across and within o plates, and the subsequent
migration of interface boundaries to reduce surface energy that causes the penetration of the 3
phase to separate the a ‘globules’ [102,103]. High strains are found to be needed to cause
globurisation, with strains of ~0.5 to ~1.5 required to initiate globularisation (dependant on the
microstructure and deformation temperature) and as much as ~2.5 to get complete
globularisation [104]. It is found that finer microstructures break up more easily due to the

reduced o thickness [105], but the relationship with temperature is more complex due to the
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effect of the changing microstructure [104]. It has also been shown that after the full break-up of
the grain structure, the Burgers’ orientation relationship is no longer maintained between the o

variants [101].
2.4.2. Microstructural Effects on Mechanical Properties

The microstructure achieved in Ti-6Al-4V has a strong effect on the mechanical properties.
Lutjering [106] has related the difference in mechanical properties to the ‘effective slip length’,
equivalent to the size of the alpha laths, or colonies if present, as slip can transfer across a plate
boundaries within a single colony, so that the entire colony can act as a large single grain [107].
It is found that not only does strength improve with a reduced slip length, but also fatigue life as
both the nucleation and propagation can be linked to the colony size and slip length. High cycle
fatigue (HCF) life is determined by the resistance to crack initiation, which is directly related to
the higher yield stress of the finer microstructures, whereas low cycle fatigue (LCF) life is
dominated by the resistance to crack propagation, which is also improved (at short crack
lengths) by a finer microstructure [106]. Therefore, the greater the cooling rate through the
transus temperature, the greater the strength and potential fatigue performance of the alloy.
These trends continue into cooling rates that produce a martensitic microstructure. However,

this results a reduction in ductility [38] and creep resistance [73].
2.4.3. Prior g Solidification Microstructure

As the mechanical properties of Ti-6Al-4V are determined by the a colony size, which is in turn
affected by the prior  grain size (as o laths can extend across entire prior  grains) it is

desirable to have as fine a prior 3 grain size as possible.

Large B grain sizes are common in Ti-6Al-4V solidification microstructures, this is partly due to
the rapid B grain growth that takes place while above the 3 transus, and partly due to the nature
of the solidification itself. This thesis is concerned with the refinement of this coarse 3
microstructure, so it is important to understand how it forms. However, as the refinement
investigated in this work does not form under solidification, the topic will only be covered
briefly here. More in-depth discussions of solidification can be found in textbooks such as that

by Porter and Easterling [84].

As a liquid melt cools, at a certain temperature it becomes more energetically favourable to
solidify as the reduction in atomic vibrational energy decreases to the point that inter-atomic
bonding is favourable. However, under most conditions it is uncommon for the liquid to
homogenously change phase, as any volume of solid that spontaneously forms is almost certain
to re-dissolve back into the melt rather than grow. In order for these spontaneously formed
nuclei to grow rather than re-dissolve, the molten liquid needs to be significantly cooler than the

melting temperature. The reduced temperature of the liquid compared the freezing point is
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known as supercooling (also known as undercooling). Generally metals do not solidify
homogenously, as heterogeneous sites such as the walls of the container (akin to sides of the
meltpool), or inoculants in the melt, provide a surface for the molten material to solidify upon
and thus a reduced energy barrier for nucleation. The reduced surface area, and therefore surface
energy, of material solidified on heterogeneous sites, means that they can be smaller without re-
dissolving, and therefore require less supercooling [84].

Under equilibrium conditions, where each element is given unlimited time for diffusion, it
would be found that solidification would proceed as described by an equilibrium phase diagram,
with each phase having a predicted composition at any given temperature. In the case of an
alloy, the material solidifying is likely to have a different composition to the liquid. This is
shown in the simplified case of a binary system in Figure 2:19 where a liquid of original global
composition X, is cooled, resulting in solidification at a temperature T, of material with a
composition of Xs and the subsequent enrichment of alloying elements in the molten material
giving a liquid of composition X,. The ratio of these two compositions is known as the partition
coefficient, k, and is defined in Equation 4 [84].

Equation 4

e

e
=
> ____S
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—

xsolute

Figure 2:19. A hypothetical phase diagram demonstrating the concept of
partition coefficient. Adapted from [84].
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However, in most real-world conditions rapid cooling rates limit the amount of diffusion that
can take place in the solid, and reduces the amount of mixing that can take place in the liquid.
With minimal mixing in the liquid, the molten material immediately ahead of the solidification
front becomes particularly enriched in alloying elements, altering the composition of the liquid
near the interface. As the freezing point of the molten material is compositionally dependent, it
is therfore possible that this enriched liquid is significantly below its freezing point to be
supercooled. This is known as constitutional supercooling as it is compositionally dependent. It
is therefore possible for the material ahead of the solidification front to be sufficiently
supercooled to enable homogenous nucleation to take place ahead of the solidification front
[84].

Unfortunately, constitutional supercooling is difficult to achieve in Ti-6Al-4V. As stated in
82.3.2, a large number of alloying elements, including Al and V, have a partition coefficients
that are close to one due to their high solubility in titanium. Therefore, there is little segregation
ahead of the solidification front, leading to negligible constitutional supercooling, and
preventing homogenous nucleation in the melt [108].

Additions with a high partition coefficient in titanium that do segregate ahead of the
solidification front have been investigated to determine their effect on the refinement of
solidification structures. These include rare earth alloying additions such as yttrium [109,110],
and other elements with a low solubility in titanium such as boron [111,112]. In both cases it is
found that these additions lead to heterogeneous nucleation ahead of the solidification front and

lead to prior P grain refinement.

Constitutional supercooling is also one of the contributing factors towards the shape of the
solidification front. When any perturbation spontaneously forms on the solidification front it can
either melt back into the liquid phase to maintain a planar front, or the protrusions can grow
preferentially into the liquid to create a cellular or dendritic structure as shown in Figure 2:20.
Cellular and dendritic structures arise due to the enrichment of the surrounding liquid in solute
during solidification. With minimal mixing in the liquid, the liquid away from the solidification
is lower in solute, allowing the protrusions to grow into it. The tendency for solidification in this
manner increases with greater supercooling (increased solute rejection), lower thermal gradients
(prevents remelting of the cell tips), and greater growth velocities (minimising diffusion and
mixing) [113]. If the conditions are extreme enough, then cells are seen to develop secondary
and tertiary arms to form dendritic structures. As with the primary solidification, this occurs

along crystallographically preferred directions such as (001) in cubic metals.
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Figure 2:20. Schematic diagrams of the different morphologies the
solidification front can take dependent on solidification conditions. Adapted
from [84].

The formation of dendrites can also provide an additional route to refining the final grain
structure during solidification, whereby the remaining molten material is agitated to the point
where dendrite arms can become detached from the solidification front. If these detached
dendrite fragments are above a certain size, then rather than remelting back into the molten

material, they will continue to grow and can lead to a near equiaxed structure.

In the case of Ti-6Al-4V it is difficult to determine if the columnar structure solidifies by a
dendritic or cellular mechanism, as any evidence of a dendritic structure will be destroyed by
the subsequent p — a+f transformation [113]. However, attempts to refine the microstructure
through agitation of the meltpool have been found to be successful, with it reported that a
refined B microstructure is generated by modulating the heat source power for both electron
beam and gas-tungsten arc melted material [114,115]. Alternatively, the arc can be oscillated

with an applied electro-magnetic field to generate a similar effect on the microstructure [116].

Despite reported successful attempts to refine the Ti-6Al-4V prior  microstructure by both
alloying additions with a high partitioning coefficient and by perturbation of the meltpool, it has
been noted that none of these techniques have found a commercial application [117]. This may
be indicative of ‘reporting bias’, where only the positive results of the refined microstructure
have been published. It is likely that the addition of other alloying elements has led to other
undesirable properties, such as the development of brittle second phase particles. This is found
to be the case with boron, where the TiB precipitates that form are found to crack under

relatively small strains [118]. Likewise, it is probable that the reason that techniques with an
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agitated meltpool have not found an application is an unwanted consequence to the process,

such as increased porosity.

Therefore, with the coarse prior B structure difficult to refine under solidification, it is left to
thermomechanical processing to refine these microstructures. However, as discussed in section
82.4.1, traditional processing requires large reductions of at least 50% at high temperature in
order to break up the prior 8 structure [101]. Not only would such a high temperature
deformation process be difficult to implement with AM, but the shape change associated with
these large reductions is contrary to the principle of AM.

2.4.4. Deformation Mechanisms

The deformation mechanisms of Ti-6Al-4V are complex as a result of the dual phase
microstructure. At room temperature the deformation behaviour is dominated by the a-phase

due to it being the dominant phase making up to 95% of the volume of the alloy.

For the hexagonal phase, slip primarily occurs along the three (1120) close packed directions in
the <a> direction. There are 12 slip planes that this slip direction can act in (one basal (0002),
three prismatic {1010}, and six pyramidal {1011}) but this is reduced to 4 independent systems
due to symmetry and combinations of slip systems giving the same slip as can be achieved by
another slip system [69]. This means that the von Mises criterion for five independent slip
systems is not fulfilled. Therefore, a deformation mode with a component in the <c> direction is
required. This can be satisfied by slip in <c + a>, or by twinning, although both of these
mechanisms require a greater resolved sheer stress to be activated than pure <a> deformation
[119]. There are four twinning modes that are commonly observed in hcp titanium, two that are
activated by tension along the c-axis: {1012} and {1121}, and two that are activated under
compression: {1011}and {1122} [120]. Some of the main deformation modes are shown in
figure 2:21.

BN @

(1010} (1120) {1071} (1123) (1012} (1017T) {1122} (1123) {1121} (1126}

Prismatic Pyramidal Tensile Compressive Tensile
{a) slip (c+a) slip twin twin twin, type Il

Figure 2:21. A selection of some of the main deformation mechanisms
observed in titanium alloys [121].
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The deformation behaviour of most hcp metals can be generalised by their c¢/a ratio. As o
titanium has a c/a ratio below the ideal value of 1.633 slip most easily occurs on the prismatic
planes, although basal and pyramidal slip can also be activated [122].

Twinning has traditionally been thought not to occur in Ti-6Al-4V unless at very high strain
rates or at cryogenic temperatures, when the critically resolved stress for deformation by slip is
higher [123,124]. Reasons given for this are that the high concentration of aluminium
suppresses twinning [74]. However, twinning has more recently been observed at room
temperature and low strain rates with deformations as small as only 6% strain [123]. The reason
given for this being missed by previous studies is the difficulty in distinguishing them from
similarly orientated grains. The dominating twin system observed, {1012} (1011}, is shown
schematically in figure 2:22.
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Figure 2:22. lllustration of atom movements in {10-12} twin [125].

Despite the deformation behaviour at room temperature being dominated by the deformation of
the o phase in Ti-6Al4V due to the greater phase volume, deformation of the f must also be
taking place. As there are no close packed planes in the bcc structure (the close packed plane of
the hep {0001} having a packing density of ~91%, opposed to the bce closest packed plane
{110} of the structure of only ~83%) it may be assumed that slip may be more difficult to
activate in the cubic structure. However, the slip activation energy is also dependent on the
length of the slip path, and it is found that the atomic shift required to recreate the crystal
structure in bcc is shorter than in hcp. The shorter slip length combined with the greater number
of independent slip systems (there are two close packed (111) directions for each of the six
{110} planes, to give 12 independent slip systems), ensure that slip more readily occurs in bcc
titanium [126]. Twinning is also not often observed in f titanium due to the prevalence of slip.
However, two twinning systems have been observed in metastable f titanium alloys;
{112}<111> and {332}<113> [127-129]. B twinning has not been previously reported in the
deformation of Ti-6Al-4V, with the explanation given by Hanada et al. [129] that its
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composition does not lead to the formation of o phase that is believed to facilitate twinning in

metastable § alloys.

As Ti-6Al-4V has both phases present at room temperature, the deformation behaviour is
influenced by the interaction of deformation mechanisms between the two phases. Due to the
Burgers orientation relationship existing between the two phases, it is found that there are
always three different misalignments that exist between the easy three <a> slip directions in an
a grain and a (111) slip system in the corresponding p phase [130,131]. The closest aligned
system (termed a;) is only misorientated by ~0.7°, the next closest system (a,) is misaligned by
~11.5°, with the third misalignment (as) by an even greater amount [131]. It is thus found that
slip is most easily transferred across the well aligned slip systems, with the less aligned systems
leading to dislocation pile up on the phase boundary as shown in Figure 2:23. The differing

CRSS associated with slip transference for the three slip alignment conditions has been used to

explain the observed deformation anisotropy of o colony microstructures [131].

Figure 2:23. TEM micrograph of dislocation pile ups at a phase boundary
within an a colony due to the slip system activated in the o colony being
misaligned by ~11.5° with the closest (111) slip system in the 8 phase [130].

On the colony scale and at reasonably high strains, the deformation of the microstructure
evolution is determined largely by the geometry of the imposed strain relative to the orientations
of the laths. It is found that the laths (and entire colonies) will rotate with strain, with the plane
normal tending to become aligned parallel to the loading axis. However, if the lamellae are
aligned close to perpendicular to the compression axis then the laths tend to kink [132]. Both
kinking and colony rotation can be observed in Figure 2:24 in a deformed T-6Al-4V
microstructure. Also of note in the figure is the progression towards spheroidisation with
increasing strain, as discussed in §2.4.1.
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Figure 2:24. SEM images of Ti—-6Al-4V microstructure (a) prior to
deformation, and after height reductions of (b) 25%, (c) 50% and (d) 70%. A
high- magnification image of the microstructure is shown in the top right
corner of each figure (taken from [133]).

Though not reported in Ti6-Al-4V, it has been observed in other two phase titanium alloys that
twins crossing a. colonies can lead to a stress induced hexagonal martensite in the p phase as
shown in Figure 2:25[134].

(1012)[1011] Twin

Figure 2:25. TEM micrograph of Ti-8.1V following tensile deformation
showing stress-induced hexagonal martensite plates in the p phase and twins
in the o phase [134].
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2.5. Additive Manufactured Ti-6Al-4V Deposits

2.5.1. Microstructure of AM deposits Without a Deformation Step

Columnar Prior g Macrostructure
The most striking microstructure feature commonly observed in Ti-6Al-4V AM builds are large

columnar prior B grains, that can be often observed by eye, and that can extend up to the entire
height of the build. Columnar growth is observed with laser [26,38], electron [8,135], and arc

[31] heat sources as shown in Figure 2:26.

500 um |

o

Figure 2:26. Examples of columnar prior B microstructures in: a) electron
beam (SEBM), b) laser beam (SLM), and c) arc melted (WAAM) additive
manufacturing processes. Taken from [136] , [95], and [94] respectively.

The large prior 3 grains form as a result of the AM solidification conditions when combined
with the phase relationships in titanium alloys. The steps that lead to the columnar structure are
shown in Figure 2:27, starting from an equiaxed prior 3 substrate that at room temperature is
made up of an o lamella structure with retained 3 (Figure 2:27a). Regardless of the feedstock,
the heat source not only melts the material being deposited and some of the substrate material
beneath it, but to a certain depth the substrate is raised to a temperature above the B-transus,
fully transforming it to the cubic B-phase (Figure 2:27c). This B phase returns to the orientation
it was prior to transformation due to re-growth of the residual 3 retained between the laths. As
the heat source moves on, and the molten material begins to cool and solidify, the high thermal
gradients in the melt pool and low solute partitioning in titanium (discussed in §2.4.3) means

there is insufficient supercooling ahead of the solidification front to enable nucleation ahead of
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the growth front [84]. In addition, owing to the high solubility of most elements including
oxygen in titanium, there are few particles present in the melt for heterogeneous nuclei.
Therefore the molten material solidifies epitaxially on to the B grain beneath it at the fusion
boundary, continuing the grain. This cycle is repeated with each pass of the heat source as
additional layers are deposited (Figure 2:27d), the thermal field returning the previously
deposited material to the previous high temperature B structure, and the melt pool solidifying
epitaxially upon it. As no nucleation occurs ahead of the solidification front, the coarse
columnar structure develops through many layers. As the <001> growth directions are the ‘easy
growth directions’ for bee structures [137], these orientations are able to out compete other less
well aligned orientations, and therefore come to dominate the structure [3,136]. Other than the
preferred <100> orientation in the direction of the columnar growth, it is not normally expected
that there should be any preference in orientation around this axis, which would result in a
<100> fibre texture [3,136].

Feedstock

a)

c)

Heat Source
1

Melt Pool

¥ R

B ophase [ B phase

Figure 2:27. Schematic of the steps involved that lead to the coarse columnar
prior B structure observed in Ti-6Al-4V AM builds.(a) - an equiaxed prior B
substrate, (b) - addition of feedstock (in this case powder), (c) - the heat
source that melts the feedstock and underlying material, and heats the
surrounding material into the 3 phase, and (d) — with additional layers, prior B
grains grow epitaxially through the build height, growing competitively.
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o + B lamellar microstructure
As discussed in 82.4, the microstructure of Ti-6Al-4V is highly dependent on the cooling rate
through the B transus. With most AM techniques no cooling is forcibly applied, but because of
the small meltpool is cooled by conduction through the substrate and previously deposited
material it is sufficient to cool the material very quickly. Few measurements of the cooling rates
in AM have been made, however the cooling rate at solidification has been estimated by
Simoneli et al. [95] to be in the range 10° to 10° K/s in the EDM process, which would be
sufficiently fast to expect a martensitic transformation. However, as discussed in the previous
section, in all AM processes with Ti-6Al-4V the thermal field of the deposition heat source also
reheats several underlying layers back above the B transus (Figure 2:28). It is the cooling rate of
the material the final time it goes through the P transus that dictates the final microstructure of
the build.
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Figure 2:28. Schematic of the thermal profile of a single layer of Ti-6Al-4V
during AM processing [44].

Analysis of the direct temperature measurements made during manufacture in the study by
Martina et al. in [6] of Wire-arc AM indicates that the cooling rate of the material the final time
it transforms through the B transus is ~70 K/s. The microstructure of this cooling rate in the
WAAM process is given in Figure 2:29a, where it can be seen that the morphologies consist of
grain boundary a at the prior  grain boundaries, followed by colonies of a plates forming off it,
before a Widmanstatten basket weave morphology develops in the centre of the prior 3 grains
with an average lath thickness of ~0.7 um [6]. Similar o morphologies are reported in laser

blown powder based processes, an example of which is given in Figure 2:29b with an a lath
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width of 1-2 um suggesting a similar, or slightly slower, cooling rate [26]. The morphology of
the microstructure when a heated powder bed is used is markedly different, as shown in Figure
2:29c of the EBM process. The different microstructure in Figure 2:29c arises from the
extended time the build is held at 600-800°C EBM given sufficient time at temperature for
diffusion to take place to achieve a near equilibrium volume of  [38]. Despite being held at
temperatures sufficient for microstructural coarsening to take place, it is found that EBM leads
to a microstructure with a comparable a lath width of ~1 um [3,138], it can therefore be

assumed that the cooling rate through the  transus is again rapid.

Figure 2:29. Typical Ti-6Al-4V AM microstructures. (a) & (b) are typical
a+p Widmanstéatten microstructures generated in arc and laser blown powder
based processes respectively. A typical microstructure of a heated powder
bed process is given in (c) where diffusion has allowed a greater volume of
to be retained. And (d) a martensitic microstructure generated by extreme
cooling rates with SLM; adapted from [94], [26], [3], and [95] respectively.

A fine layer of o’ martensite has been observed in several studies at the top of AM builds
including WAAM [6] and EBM [3] resulting in the acicular sub-micron structure shown in
Figure 2:29d. The formation of martensite in the top layer is not surprising as the final layer of

deposition is not subsequently reheated into the 3 phase by the successive passes, and its
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cooling rate through the [ transus is greater than for the rest of the build. This is shown
schematically in Figure 2:28. It should be noted that the cooling rate through the 3 transus can
be heavily affected by process parameters, such as a low heat input and/or a fast moving melt
pool, resulting in a smaller thermally effected zone that will lead to both a higher initial cooling
rate from solidification, and to fewer of the previously solidified layers being reheated above
above the B transus and can result in a fully martensitic build. Fully martensitic microstructures

are often achieved with the SLM process [95].

Microstructural Banding
Another microstructural feature common across the various AM platforms is microstructural

banding, often observable by eye after etching. Although these bands replicate the spacing of
deposited layers, they do not correspond directly with the deposited material as observed by
lines on the outside of the build, and no banding is observed in the top several layers [31]. An
example of banding is clearly visible in the WAAM macrostructure in Figure 2:26¢. The
banding is thought to be due to the formation of different morphology of a forming due to the
different peak temperatures reached, with the top of the uppermost band indicating the depth of
the material to reach the 3 transus and every band beneath this showing the material taken to the
B transus with every previous layer [139]. The banding is understood to correspond to a region
where the material was not taken fully into the B phase, instead to a point where there was a
high proportion of B phase, but still remnants of the a phase remaining; these o fragments alter
the transformation kinetics upon cooling acting as nucleation sites for the transformation and
leading to a different transformation microstructure [140]. The microstructural banding has been
observed in arc [31] processes as well as those using electron [37] and laser based AM
techniques [141]

Texture
Few textural studies have been completed on AM Ti-6Al-4V. The only two extensive studies

carried out on electron beam AM are by Al-Bermani et al. [3], and Antonysamy et al. [136];
both studies were carried out by Electron BackScattered Diffraction (EBSD) analysis, which
will be described in more detail in83.5.2. It was found in both studies that the p columnar grains
do grow with a preferential <001> crystallographic direction in the direction of columnar
growth as highlighted by the red colouration of the grains in the orientation maps in Figure 2:30

that are coloured with IPF colouring in the direction of columnar growth.
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Figure 2:30. B orientation maps with IPF colouring in the primary build
direction highlighting the strong <001> columnar growth observed in EBM
builds. (a) show sectioning parallel to the columnar growth [136] and (b)
transverse to it [3].

As expected, both studies found that the overall texture of the builds was a strong <100> fibre.
This fibre texture was observed by both studies when a large number of areas of the same
sample are considered (Figure 2:31 — “Whole Build’), however, both studies individually found
regions within the samples where an ill-defined cube texture was present (Figure 2:31 —
‘Selected Area’). The cube texture has been found with <001> directions either parallel to the
melt pool rastering directions [136] or at 45° to them [3,136]. In the case of Al-Bermani et al.
the cube textures highlighted may be deceptively strong due to the low number of grains
covered in these reduced areas, however they do show a tendency for a locally preferred
orientation. The cube texture found in the study by Antonysamy et al. was found over a much
larger area and therefore sampled many more grains. It was found by Antonysamy et al. that the
cube texture was found at distinct build heights and it was proposed that this could have arisen
due to the alternating, orthogonal rastering pattern taken by the melt pool encouraging the
<001> easy growth direction to grow into it laterally, as it carries the solidification front along
with it.
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The <100> preferential growth has also been observed in a laser-powder bed process [95], but

to date, no textural studies have been published on wire feedstock titanium AM processes.

] . \ Textural
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Figure 2:31. Summary of the two previous textural studies by Al-Bermani et
al. [3], and Antonysamy et a.l [136]. with pole figures showing the B textural
strength of EBM-AM.

The discussion above has been limited to the texture of the  phase, as it is this phase that forms
first upon solidification, and it is this phase that leads to the continuation of the coarse columnar
structure across the height of the build. However, at room and at service temperatures the
majority of Ti-6Al-4V is the more anisotropic a phase, and it is the o phase that dictates the
majority of the mechanical response. In the previous section it was discussed how each large
prior B grain transforms to many fine a laths upon cooling below the B transus. As the Burgers’
orientation relationship is maintained through the phase transformation there are 12 possible a
variants that can form from each B grain. If all 12 variants are formed with equal probability,
then the resultant microstructure is relatively texture free [4,136]. However, numerous factors
can lead to some of the variants forming in preference to others (see §2.3.3) leading to a highly
textured build. Two studies have investigated the variant selection in AM builds, Simonelli [95]
found evidence of variant selection in an SLM process where it was found that half of the
variants accounted for over 70% of the measured a laths, however it should be noted that the
material investigated by Simonelli was entirely martensitic, and only measured the o variants in
a limited number (~40) of prior 3 grains. Antonysamy et al. [136] considered thousands of
grains in EDM material and found that there was little evidence of variant selection. The
resultant weaker texture of the o phase compared to the B texture from which it transformed is
highlighted in Figure 2:32.
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Figure 2:32. Pole figures of the coarse  grain texture (a), and the resultant o
texture upon transformation; adapted from [136].

2.5.2. Mechanical Properties of Ti-6Al-4V AM Deposits

There have been various studies into the mechanical properties of Ti-6Al-4V AM builds, a
summary of studies that have tested in two orientations are given in Table 2:2. The orientations

of the samples relative to the build direction are shown in Figure 2:33.
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Figure 2:33. Schematic of how tensile test samples are orientated relative to
the build direction as referenced in Table 2:2; adapted from [4].

For ease of interpretation, the information in Table 2:2 is also displayed graphically in Figure
2:34. It is found in general that the laser based techniques result in the highest tensile strengths,
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with yield strength (o) ranging from ~900-1200 MPa and ultimate tensile strength (cyrs) in the
range ~1050-1250 MPa; whereas the other AM techniques achieve yield strengths in the ranges
of ~800-1000 MPa and ~850-1050 Mpa for o, and oyrs respectively. In all cases these values
are comparable to, or exceed, the minimum values set out in standards for cast and wrought
material of a o, of 758 MPa and oyrs of 860 MPa for cast material [90], and a o, of 860 MPa
and oyrs 0f 930 MPa for wrought [142]. Rafi et al. has attributed the higher tensile properties to
the greater cooling rates involved in the selective laser melting processes, which can lead to the
formation of martensite. This is corroborated by the reduced elongation observed in the majority
of the laser based processes as such microstructures are known to be a less ductile [38].

Table 2:2. Summary of the findings of various studies into the tensile
properties of Ti-6Al-4V AM builds.

Testin Yield Elongation
Study Technique esting Strength UTS (MPa) g
Direction (%)
(MPa)
Amsterdam & Horizontal 1052 + 27 1153 + 13 53+2.1
LENS .
Kool [143] Vertical 1045 + 24 1141 + 15 92+1.1
Horizontal 960 + 26 1063 + 20 13.3+1.8
Carroll et al. [4] LENS .
Vertical 945+ 13 1041 + 12 18.7+1.7
. Horizontal 1137+ 20 1206+ 8 762
Vilaro et al. [144] SLM .
Vertical 962 + 47 1166 + 25 1.7 +0.3
. Horizontal 1195+ 19 1269+ 9 5+05
Rafi et al. [38] SLM .
Vertical 1143 + 30 1219+ 20 489+0.6
Edwards et al. Horizontal 783+ 15 83322 27+04
EBM .
[135] Vertical 812 +12 851 + 19 3.6+0.9
Hrabe & Quinn EBM Horizontal 982.9+5.7 1029.7 £ 7.0 12.2+0.8
[138] Vertical 984.1+85  1032.9+129 9.0+29
. Horizontal 899 +4.7 978 +3.2 95+1.2
Rafi et al. [38] EBM )
Vertical 869 +7.2 928 +9.8 99+17
. Horizontal 860 + 25 920 £ 20 12+5.0
Martina et al. [42] WAAM .
Vertical 810+ 25 880+ 10 21+2.0
Horizontal 818 + 31 885 + 29 41+0.8
Brandl et al. [145] WLAM )
Vertical 791+ 15 870 £ 16 11.2+3.2
Horizontal 881+ 20 963 + 24 79+2.1
Brandl et al. [145] WAAM )
Vertical 860 + 13 938 + 22 16527

Few of the studies report on finding any tensile strength anisotropy, as within the error of the
measurements, the results in each direction were not significantly different. However, though
this is the case individualy, when all of the findings are considered together in Figure 2:34, it is
clear that there is a general trend across all AM technologies that the tensile strength is less
when tested in the build direction than normal to it, but the biggest effect is on ductility where
considerably greater ductility is generally found in the build direction. Anisotropy is observed in

SLM samples, the anisotropy has been attributed to irregular shaped defects caused by lack of
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fusion that lie in the build plane [144]. Carroll [4] dismisses the assertion that the strong texture
seen for the prior B grains leads to the observed anisotropy, due to the transformation to o
weakening the texture, and in contrast they argue instead that the anisotropy is due to colony a
providing a preferential path to damage accumulation along prior 8 grain boundaries.
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Figure 2:34. Graphical summary of data presented in Table 2:2, showing
mechanical property anisotropy of Ti-6Al-4V builds in the horizontal and
vertical directions for: a) yield strength, b) ultimate tensile strength, and c)

elongation.

A number of the above studies have also investigated the fatigue properties of AM builds,
however these were either only in one direction [38,143], or on too few samples that were too
porous to be statistically relevant [135]. Where the origin of failure could not be associated with
a pore or defect, the high cycle fatigue life was found to be superior to wrought material
[143,145]. One study that has completes fatigue testing in two directions [145], found the
material to behave anisotropically with greater dynamic strength in the horizontal direction.

Anisotropic behaviour is to be expected due to crack initiation occurring at o colony boundaries
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(if there is no larger defect present) and the formation of large o colonies along the columnar

prior B grain boundaries [38].
2.5.3. Effect of a Deformation Step on AM Ti-6Al-4V Deposits

Prior to the work contained within this thesis, little work has been published on the addition of a
deformation step to an additive manufacture process. Only three papers have been authored by
Cranfield university on the technique they have been developing on combining Wire Arc
Additive Manufacture (WAAM) with rolling. In the first, Colegrove et al.-2013 [33], discusses
the application of the technique to AM in steels. This was shown to be reasonably successful
and resulted in reduced distortion of finished parts. In the second, Martina et al.-2013 [42],
discusses extending the technique to Ti-6Al-4V, and observes not only a reduction in the build-
up of residual stresses, but notes a surprising refinement of the prior  grain structure (Figure
2:35). The refinement of the prior B structure is surprising due to the low strains involved, as it
is found that the refinement occurs with rolling that only results in an ~8% reduction in the
height of the wall. This compares to a minimum of 50% deformation required to break up the
prior B grain structure with conventional thermo-mechanical processing [101]. Alongside the
refined microstructure, this work also reports more isotropic tensile properties than in samples
that are not rolled. The most recently published work, Martina et al.-2015 [6], goes into more
detail on the thermal history of the samples and attempts to link the refinement to the peak

temperature reached within the build.

6 mm

Figure 2:35. Optical microscopy of the cross section of WAAM walls
showing in (a) the columnar prior B structure and banding structure of an as
built wall, and in (b) the prior B refinement achieved by rolling between
layers of deposition; adapted from [6].
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The only attempt at an explanation of the mechanism that causes the refinement of the § when
AM is combined with rolling is given in Martina et al.-2015, where the origin of the refined 8
grains was attributed to static recrystallization at ~780°C. However, this conjecture was based
upon a direct measurement of the temperature during processing that also measured the banding
in the microstructure forming at a peak temperature of ~740°C, whereas it is universally
accepted in the literature that the banding is a result of material cooling from the p transus of
~1000°C [31,139]. Therefore, it is plausible that an error in the measurement of the temperature
may have been made, and it is likely that temperature for the grain refinement is above the
transus. This is re-enforced by the observation that the refined grains are only found above the
final white banding when the rolling is only applied to the penultimate layer (Figure 2:36). It is

thus likely that the phase transformation plays an important role in the refinement mechanism.

Firstband

Figure 2:36. Detail of top of WAAM wall where rolling has only been
applied to the penultimate layer, highlighting the refined  above the final
microstructural banding; adapted from [6].

2.6. The Current Work

As it has been discussed in the previous chapter, the addition of an integrated rolling step is
found to disrupt the formation of a highly textured, columnar prior  microstructure when
producing Ti-6Al-4V components by additive manufacture. When a relatively low strain rolling
deformation step is incorporated into the process it is found instead that a refined microstructure
of seemingly equiaxed prior 8 grains is formed with manufacture. The refined microstructure is
found to lead to improved material property isotropy, and the refined prior-f3 grain size is likely

to lead to improved fatigue life improvement due to the associated smaller a colony size on
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cooling through the B transus. Therefore it is the purpose of this study to gain a better
understanding of this refined microstructure and how it forms so that it can be better exploited

in the future.

The initial work is concerned with better understanding the refined grain structure; the grain size
and texture, and the distribution of these factors relative to the imparted strain by the
deformation of each layer. For these purposes, a second AM technique and deformation
processing technique are considered as well as the Wire + Arc AM (WAAM) and rolling
method discussed in §2.5.3, in order to see how well this technique can be applied to further
technologies. The second AM + deformation technique considers the effect of ultrasonic impact
treatment (a form of peening) on a laser based AM technique with a powder feedstock.

The second part of the investigation is intended to attempt to understand the mechanism by
which the refined grains are formed. The mechanism has been investigated by two techniques;
the direct observation of the phase transformation in-situ by EBSD, and by simulating both the
deformation processing and the thermal cycle of an AM layer addition step under laboratory
conditions in order to replicate the refinement operation.
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3. Experimental Methodology

This section gives a brief background of the fabrication of the samples and the various
techniques used throughout this thesis, more detailed process and experimental parameters are
given in the relevant manuscripts. Particular emphasis is given on electron microscopy and

orientational analysis due to their prevalence throughout the work.

3.1. Additive Manufactured Samples

This thesis is concerned with the two separate additive manufacture techniques, and likewise
two corresponding deformation techniques. The first AM technique investigated was a laser
blown powder technique combined with a form of peening, and the second was a wire-arc
technique combined with rolling. The characterisation of the resultant microstructures are
presented in Manuscript 1 and Manuscript 2 respectively. The subsequent two manuscripts
are focused on investigation of the mechanism that causes the observed f refinement seen in
both of the techniques, but the majority of the investigation takes place on material

manufactured by the wire-arc process due to a greater understanding of the process history.
3.1.1. Laser Blown Powder Samples

The AM system used to produce the samples investigated was essentially a ‘home-built’ system
as opposed to a commercially available system. The system was constructed by BAE Systems at
their Sowerby Research Centre in Filton, Bristol, and largely by Andy Wescott, who was also

responsible for the manufacture of the samples.

The system consisted of a Nd-YAG Trumpf laser and a Sulzer TWIN 10-C powder feeder
delivery system mounted to an X-Y-Z motion control coordinate system. The Ti-6Al-4V
feedstock powder was blown by an argon carrier gas and was injected directly into the melt pool
from the directed laser beam. The entire system was fitted within an argon filled bag
environment in order to prevent oxidation. The process is here after referred to as LBP (Laser

Blown Powder), the terminology used to describe the technique within BAE.

The deformation of the deposited layers was carried out by Ultrasonic Impact Treatment (UIT)

that was briefly described in §2.2. and is shown in Figure 3:1.
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Figure 3:1. Ultrasonic Impact Treatment equipment.

UIT incorporates hard steel pins that are held in place within a tool head, but are free to oscillate
along their axis. The pins are coupled to an ultrasonic transducer that causes the pins to oscillate
many times per second with enough force to deform material with which the tool head is put
into contact with in these experiments. The tool head was directed and manipulated manually,
much as one would a hand-held drill, and it was therefore difficult to control the extent of the

deformation introduced into the component surface.

It should also be noted that it is likely that the build temperature when the next layer was added
was likely to be slightly higher in the undeformed wall, as the wall would not have been
allowed the cooling time experienced by the other walls as they were peened. However, the
temperature of the wall would still be considerably below the transformation temperature when
the next layer was added, and therefore unlikely to affect the transformation kinetics

significantly.

3.1.2. WAAM Samples

Wire-Arc Additive Manufacture (WAAM) is a wire based additive manufacture process that has
been developed by Cranfield University to the point that it is now close to being commercially
available product. The WAAM process involves both multi-axis manipulators of the deposition
head and the substrate in order to build complex geometries. In this study, where the deposition
is combined with a rolling step, a single axis manipulator was fixed to a rigid gantry system to
allow simple AM geometries to be completed consisting of single pass wide vertical walls. A
schematic of the equipment is given in Figure 3:2. The axis definitions of x, y and z are also
given in Figure 3:2, these are consistent with those used throughout AM literature, with z being
the main build direction (normal to the plane the layers are deposited), x and y are more

interchangeable but x is generally given to the primary deposition direction if there is one, as
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there is in this case with x being the direction of the wall. The direction ‘X also coincided with

the rolling direction when the roller was used.
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Figure 3:2. Schematic diagram of the combined WAAM rolling process [6].

The TIG torch was powered by a Lincoln Electric Invertec V310-T AC/DC TIG power supply.
All of WAAM walls in this study were built with the parameters in Table 2:1

Table 3:1. WAAM deposition parameters

Wire feed speed 1.6 m/min
Travel speed 4.5 mm/s
Peak current 150 A
Background current 70 A
Average current 110 A
Pulse duration 0.05s
Frequency 10 Hz
Gas flow rate 10 L/min
Trailing shield gas flow rate 20 L/min

Electrode to workpiece distance 3.5 mm

As shown in Figure 3:2, the roller was attached to the same ridged gantry system as the
deposition torch, and followed directly behind the welding head. With this design it is
technically possible to roll immediately after deposition in one process step, but for all the
rolled walls in this study, the wall was allowed to cool to room temperature before rolling each
layer. This also enables different rolling speeds to the deposition speed to be used. All of the
rolling in this study took place at a travel speed of 3mm/s. The rolling load was applied
hydraulically and controlled through a load cell. The roller contained a groove of radius 3.6 mm

as shown in Figure 3:3, designed to mirror the bead profile of the top of the deposited wall.
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Figure 3:3. Roller design applied to the WAAM deposits [33].

Two different rolling loads were applied of 50kN and 75kN. It has been observed that while
rolling results in a reduction in height in z, there was negligible elongation in the length of the
wall in x, and only an increase in the width of the walls in y [6]. Therefore, plane strain

conditions are met as:
&y ® —&, and & ~0

This is due to the constraint given by the rest of the wall, resisting elongation in the rolling
direction, and only allowing accommodation of the rolling strain by splaying outwards. It
should be noted that this is converse to traditional rolling where it would be expected that there
would be elongation in the rolling direction, with negligible strain in the transverse direction for

similar reasons as sheet material effectively constrains itself in this direction [146].

As with the LBP + UIT samples, it should also be noted that it is likely that the build
temperature when the next layer was added was likely to be slightly higher in the undeformed
wall, as the wall would not have been allowed the cooling time experienced by the other walls
as they were rolled. However, the temperature of the wall would still be significantly below the
transformation temperature when the next layer was added, and therefore unlikely to affect the

transformation kinetics significantly.

3.2. Process Simulation

For reasons that will become apparent in Manuscript 4, it was deemed necessary to determine
the effect of the starting microstructure and texture had on grain refinement. Therefore, it was
necessary to simulate both the rolling step and temperature profile of the deformed material

during deposition of the subsequent layer during the WAAM process.
3.2.1. Deformation Simulation

As previously stated in §3.1.2, the rolling conditions approximate plane strain conditions,
therefore to simulate this, a channel compression die was fabricated out of tool steel. A

schematic of this rig is shown in Figure 3:4.
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Figure 3:4. Schematic of the plane strain compression rig.

The central section determining the width of the channel was designed to 5 mm wide to enable
blocks of material to be cut from sections of wall built by WAAM. The constraining plates
either side of the channel were removable to allow easy access to the sample after straining and
were held in place during straining by pneumatic rams. The load was applied using an Instron
5885H loading rig, compressing at a constant crosshead speed of 30mm/minute using a graphite

based lubricant.
3.2.2. Heating Simulation

As each new layer is added in an AM build, the rate of temperature rise of the material in the
vicinity of the melt pool is dramatic [94,147]. For example, for the WAAM process it has been
found to be in excess of 10° K/s [6]. These rapid heating rates were replicated in the plan strain
deformed samples described in the previous section by resistive heating (otherwise known as
Joule heating), the phenomena of heating an electrically conductive sample by putting a current

across it.

The current, and therefore temperature, was controlled by an Instron® ETMT8800 Electro-
Thermal Mechanical Testing (ETMT) system. The ETMT is also designed to test samples in
tension and compression as well as at temperature. The ability to manipulate the cross head
allowed the tests to take place under load control enabling free thermal expansion and
contraction of the sample without significant stress accumulation. The ETMT can control the
temperature of the samples in two ways: current control, where the current is programmed for
each moment of the test, and temperature control, where the temperature of the sample is
constantly monitored and control loop feedback is used regulate the current to maintain a pre-
programmed temperature profile. Temperature control is the generally preferred technique since
the amount of current required to raise a sample is dependent on many variables including

sample cross-section, phase composition and temperature. Regardless if it is being used to

63



J. Donoghue — PhD. Thesis

control the temperature or not, a surface spot welded thermocouple is often used to monitor the

sample during a test as shown in Figure 3:5.
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Figure 3:5. Schematic of a sample mounted in the ETMT.

The sample is limited in cross section due to the large currents that would be required to heat

larger sections, and allow enable rapid cooling rates. Rapid cooling is also facilitated by water
cooled grips that in addition ensure that thermal conduction to other parts of the testing rig are
minimised. However, the temperature difference of the grips leads to an inevitable temperature

profile across the sample that has been shown to be parabolic below 800 °C [148].

By measuring the resistance across the sample with the addition of a resistometer, as shown in
Figure 3:6, it is possible to observe how the resistance of the sample changes with temperature.
This is of particular interest with alloys such as titanium where the difference in the
conductivity of the two phases (see §2.3.1) allows the phase transformation and the B transus

temperature of the material to be directly measured.

e
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Figure 3:6. Reproduction of Figure 3:5, demonstrating how the resistivity of
the sample can be measured during testing.
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For the purpose of this study the ETMT ‘matchstick’ samples were cut to a cross section of 1.9
x 1.9 mm, as shown in Figure 3:7, from the centre of the plane strain compressed samples by
electrical discharge machining (EDM) to minimise surface deformation and thermal input. The
gauge length between the water cooled grips was held at 16 mm leaving ~ 4 mm at each end of
the sample to be gripped and ensure a good electrical contact, as shown in Figure 3:5. R-type
thermocouples (using a combination of 99.99% platinum and 87:13 wt.% platinum-rhodium
wire) were spot welded to the sample surface and used to monitor and control the temperature.
The thermocouple wire had a fine diameter of 0.15 mm @ to provide a rapid response and to
minimise conduction of heat from the sample. Oxidation was prevented by maintaining a

constant flow of argon shielding gas over the sample.

Figure 3:7. Location of ETMT sample cut from plane strain compressed
sample.

In the tests where the resistance was measured, connections to the resistometer were made with
the 99.99% Platinum wire, spot welded to the matchstick sample either side of the controlling

thermocouple with a separation of 2 mm.

3.3. Sample Preparation

3.3.1. Metallographic Preparation

Relevant cross sections of samples were sectioned and mounted in a thermoplastic resin to
enable easier manipulation of the sample during polishing and grinding. The resin used was
glass filled in order to prevent it from eroding more quickly than the sample and leading to
rounded edges. The samples were ground using silicon carbide paper in incremental grit sizes
from #320 down to #4000, followed by a chemical-mechanical step using a mixture of colloidal
silica (OP-S) and hydrogen peroxide. A mixture of four parts colloidal silica to 1 part 30%
strength hydrogen peroxide was used as the final step, as it has been found that the addition of
the hydrogen peroxide reduces the efficiency of the thin passivating oxide layer that forms on

titanium surfaces, allowing for greater removal of material [149].

Where samples were required for scanning electron microscopy, they were carefully removed
from the resin and attached to aluminium stubs with silver paint to prevent charging of the resin

during analysis.
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3.3.2. Focussed lon Beam (FIB) sample preparation

The final part of this thesis attempts to corroborate the conclusions of the papers. As a part of
this activity, a few high resolution orientation analysis techniques were used that required
electron transparent samples, i.e. less than 100 nm thick. As it was required to obtain these
samples from a specific location, the chosen sample preparation technique was by Focussed lon
Beam (FIB) milling. This technique is described in detail in [150], and involves the use of a
focused beam of gallium ions to mill away at the sample surface to remove a thin sliver of

material.

3.4. Optical Microscopy

The samples for optical microscopy were etched with Kroll’s reagent. Optical microscopy was
carried out using an Olympus BH2 microscope equipped with a Ziess camera and their
AxioVision 4.8 software.

3.5. Electron Microscopy

Electron Microscopy is a well-established branch of analytical science, and as such has been
covered well in various good textbooks such as Goodhew and Humphreys [151]. However, as
electron microscopy has been used extensively in this study, a brief technical background of EM
is given in the following section including a more in-depth introduction to Scanning Electron
Microscopy (SEM) and the widely used phase and orientation mapping technique, Electron
BackScatter Diffraction (EBSD). Also briefly covered in this section are two further analytical
techniques that allow for automated orientation mapping with an increased spatial resolution
compared to EBSD; Transmission Kikuchi Diffraction (TKD) and automated crystal orientation
mapping in the Transmission Electron Microscope (TEM). These two high resolution
orientation mapping techniques were only briefly used in this study; however they require some

introduction due to their relative novelty.
3.5.1. Introduction

Electron microscopes come in many suits and guises. The most common two families used in
analytical science are Scanning Electron Microscopes (SEM) and Transmission Electron
Microscopes (TEM). Both SEMs and TEMs operate on the general principle of directing a
highly focused beam of electrons at a sample and the measuring the resultant electron
interactions, with the difference between the techniques being which interactions are measured,
and where they are detected from, as highlighted in Figure 3:8. Scanning electron microscopes
use a lower energy beam (accelerating voltages in the range of 0.5 - 30 kV) that is scanned
across the surface of a bulk sample and the electron interactions measured are those back

reflected towards the electron source, whereas the beam of the TEM is at a higher energy (80 -
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300 kV) and uses thinner samples so the sample is largely transparent to the beam and therefore
interactions are generally measured from the underside of the sample. Unfortunately, as will be
discussed further later, these names become misleading as microscopes that are built as SEMs
can now be used in transmission mode, and likewise, TEMs can scan the beam across the
sample much the same as an SEM.

electron beam

Back reflection Backscattered electrons
(SEM) (EBSD-, SAC-pattern,
\' 4 imaging)
Secondary electrons
(imaging)
X-rays
Auger electrons (Kossel technique,
(surface analysis) \ L“‘4\‘\“‘«7(hemical analysis)
Sample Absorbed electrons
Transmission %& X-rays
(TEM) (Kossel technique,
chemical analysis)
Elastically scattered electrons Inelastically scattered electrons
(SAD patterns, (Kikuchi patterns)
dark field imaging) \ 4

Transmitted electrons
(bright field imaging)

Figure 3:8. A schematic of the most common outcomes of electron
interactions with crystalline matter [67].

Primary electrons entering a specimen can be scattered in two ways, elastically and inelastically.
Electrons are scattered elastically when they come into close proximity to the electrostatic
charge of an atom and are repelled by it, changing the path of the electron, but without losing a
detectable amount of energy. The angle the electron is deflected by is generally very small and
is dependent on the energy of the electron and the atomic number (Z number) of the atom that
scatters the electron. The mean free path for an electron within a material before another
interaction is generally quite small and the longer an electron remains within a sample the
greater the chance of losing energy by an inelastic mechanism, therefore the detection of these

electrons is limited to high accelerating voltages and thin samples in the TEM.

Electrons entering a specimen can lose energy in numerous ways, the two greatest in terms of
energy loss are plasmons (effectively creating a wave in the ‘sea’ of electrons of metallic

bonding) and phonons (loosing energy by slightly heating the solid). These inelastic interactions
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tend to deflect the primary electron through a greater angle than the elastic collisions and as they
lose energy they become more susceptible to even greater deflections. Eventually, with the
electrons losing momentum with every collision, the primary electron will either find the
sample surface or will stop within the sample. The ‘random walk’ of a primary electron as it
interacts with a material is shown for typical accelerating voltages in an SEM are shown in
Figure 3:9. It should be noted that the effect of decreasing the accelerating voltage on the

electron trajectories is similar to that of increasing the Z number of the target material.

1 keV 5keV 10 keV

Y

Figure 3:9 Electron trajectories in Si with accelerating voltages of 1, 5, and
10 keV, computed using Monte Carlo simulation [152].

It can be seen in Figure 3:9 that a number of the electrons find their way back to the sample
surface to be emitted, and are known as backscattered electrons. These backscattered electrons
tend to have only lost a negligible amount of energy relative to the incident beam and are most
commonly detected by a detector sat under the pole piece. As the scattering is highly sensitive
to z, imaging in this mode allows good contrast where there is chemical inhomogeneity. It is
these electrons within the SEM that contribute to the diffraction patterns that allow orientation

analysis, as discussed further in the next section.

Both of the inelastic scattering mechanisms mentioned above can result in the transference of a
small amount of energy to electrons within the specimen. These electrons have a low amount of
energy so are readily absorbed by the sample, unless located very close to a surface. When
emitted from a surface these electrons are termed secondary electrons and are readily separated
out from the higher energy backscattered electrons due to their lower energy. Secondary
electron imaging is one of the most common forms of imaging within an SEM and is highly

surface sensitive.

It should be noted that other useful inelastic electron interactions can take place, but are less
common. One of the most useful of these is where the primary electron knocks the inner shell
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electron of an atom in to a higher energy state. At some point later the atom will relax, and as
both the energy states are well defined, the quantity of energy released when this happens can
be used to determine the atom involved and can be used for chemical analysis. The relaxation
can either be achieved by the emission of a characteristic X-ray, or by an electron being emitted

with the same excess energy known as an Auger electron.
3.5.2. Orientation Mapping

Electron Backscattered Diffraction (EBSD)
As shown in Figure 3:9, electrons are scattered in all directions by the interaction with solid

matter from a certain depth within the sample. Despite the electrons being scattered
inelastically, the vast majority of the electrons backscattered out of the surface, loose very little
energy relative to the incident beam and will have a similar associated wavelengths. Therefore,
as long as the matter is crystalline, some of the electrons that are scattered out of the sample
surface will fulfil the Bragg condition for particular crystallographic planes, leading to
constructive and destructive interference and the emission of high intensity cones of scattered
electrons. If a detector, such as a photoluminescent phosphor screen, is placed in such a way as
to intercept these diffracted electrons then, due to the shallow Bragg angles involved, each cone
appears on the phosphor screen as a set of parallel lines. These patterns are commonly termed
Kikuchi patterns after Seishi Kikuchi who was one of the first to observe them in 1928 [153].
An example of a Kikuchi Pattern is given in Figure 3:10. It is possible to determine the
orientation of the crystalline structure of the probed volume, with respect to the sample
geometry, after identification of the bands and their relative positions. Identification of the
bands can be made as the angle between bands gives the interplanar angle, and the width of the
bands is related to the interplaner spacing [154]. Kikuchi patterns are very sensitive to
orientation and so can give an angular resolution down to ~0.5° [155]. However, as Kikuchi
patterns are diffraction based, the quality of the patterns are very sensitive to surface
deformation.

Figure 3:10. EBSD Kikuchi for hexagonal titanium pattern as imaged on a
phosphor screen in (a), and as indexed by Aztec acquisition software.
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Kikuchi pattern detection within an SEM is compromised as electrons are most intensely
backscattered back towards the electron source, and therefore this is where the strongest
Kikuchi bands would be detected. However, this is not a practical location for mounting of the
phosphor screen and accompanying camera to record the patterns. Therefore, a compromise is
made with the sample surface tilted until away from the electron source (a shallow incident
angle of ~20° is often used) and the phosphor screen orientated roughly orthogonal to the source
as shown in Figure 3:11

Lens
polepiece
Diffraction pattern
Electron on phosphor screen
beam
Specimen

Figure 3:11. Simplified experimental set up of EBSD within an SEM;
adapted from [156].

This set up necessitates large working distances, therefore larger currents are used to ensure

sufficient signal than would be chosen for optimal special resolution.

Unlike other texture analysis tools, such as X-ray Diffraction, EDSD is useful as the
crystallographic orientation of the probed volume is measured simultaneously with its location
in the sample, therefore further analysis can be accomplished as the data is spatially corellated.
The orientation of one point relative to its neighbours can be used to define points that belong to
the same grain or sub-grain and to define grain boundaries, allowing analysis of grain size

distributions, grain boundary misorientations, and stored energy amongst others.

It is now common for EBSD to be fully automated and mapping is achieved by the EBSD
software taking control of the scanning coils and rastering the beam over the chosen area much
like during imaging, albeit with a longer dwell time on each point to allow for the collection of
the diffraction pattern. It is not uncommon to collect over 100 diffraction patterns per second.

The patterns can be saved for analysis later, but if the crystal structure of the sample is known,
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modern computers are more than capable of determining the phase and orientation from the
collected diffraction pattern in real time by comparing the diffraction pattern to those predicted
for the crystal structure.

Additional information is also collected by the analysis software for each pattern collected,
including a measure of how well the predicted pattern fits the measured diffraction pattern, and
measures of the quality of the measured pattern. Two of the most common measures of pattern
quality used are Band Contrast (BC) and Band Slope (BS), and both are a measure of how
distinct the Kikuchi bands are within a diffraction pattern. Band contrast is effectively a
measure of the peak diffracted intensity compared to the average intensity of the pattern,
whereas band slope is a measure of the gradient across the peak as shown in Figure 3:12.

(a) Intensity

Background

Figure 3:12. (a) Schematic showing the difference between pattern quality
measurements Band Contrast (BC) and Band Slope (BS). The location of this
schematic in the diffraction pattern is shown in (b); adapted from [157].

Numerous factors can affect the quality of a diffraction pattern, and include both those that are
intrinsic to the sample, and those that are dependent on experimental conditions. The largest
factors that can affect pattern quality that are dependent on the sample are the diffraction
intensity of a phase, dislocation/crystallographic defect density, and crystallographic
orientation. Experimental conditions that can affect pattern quality include the focus and
alignment of the electron beam, and the quality of the surface finish on the sample. All of these
factors affect both band contrast and band slope. However, each pattern quality measure is
affected by the intrinsic factors by varying degrees, therefore mapping both of them yields
different information. Figure 3:13 gives an example of maps made from the same diffraction

patterns using the different pattern quality indicators.
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Figure 3:13. Band Contrast (a) and Band Slope maps of the same diffraction
data; adapted from [157].

The band contrast map in Figure 3:13a gives a microstructural image similar to that that might
be achieved by backscattered electron imaging. The contrast between grains in this case is
dominated by the difference in orientation, as the intensity of a band is strongly affected by how
well orientated the crystallographic planes are orientated for diffraction, with respect to the
detector. Band slope is not so readily affected by orientation, with all the large grains having the
same value of BS in Figure 3:13b, as even if a band’s diffracted intensity is low, it can still be
well defined. Therefore, BS is more sensitive to the other factors effecting diffraction, such as

internal strains distorting the crystal lattice.

Several different microscopes were used throughout this study dependent on the requirements of
the EBSD maps and the relative strengths of the different microscopes. High resolution

mapping was carried out in a FEI Magellan 400L SEM - a microscope built around high
resolution analysis, large area mapping in a CamScam Maxim — a large chamber microscope —
allowing manipulation of large samples, and the in-situ heating (described further in 83.5.3) was
performed in an FEI Nova 600 NanoLab due to the addition of infra-red protection on the
EBSD camera. In all cases the microscopes were fitted with Oxford Instruments Nordlys EBSD
detectors and the patterns were collected and analysed using their AZtec software. Details of the
experimental parameters used for the individual scans are given in the relevant sections of the
proceeding sections they are included in.

Transmission Kikuchi Diffraction (TKD)
It is possible to gain increased spatial resolution within an SEM set up for EBSD, by utilising an

electron transparent sample situated in close proximity to the pole piece. With a thin enough
sample and a high enough accelerating voltage, Kikuchi patterns can be detected in transmission
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within an SEM using the standard EBSD detector in a process termed Transmission Kikuchi
diffraction (TKD) [158], as shown in Figure 3:14.

SEM Objective Lens

Primary Electron Beam
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Figure 3:14. Experimental set up of Transmission Kikuchi Diffraction [159].

In this set up, the increased spatial resolution is achieved as the interaction volume of material is
significantly reduced from the bulk case, as can be seen from Figure 3:15. Compared to EBSD,
where a low accelerating voltage is required to achieve a greater spatial resolution through a
smaller interaction volume, there is no penalty paid to spatial resolution in increasing the
voltage in TKD. Not only does a higher energy e-beam have the potential to be more highly
focused, but a greater proportion of a the beam will be transmitted through the sample with
fewer interactions and therefore a lessened interaction volume. In reality the condition is not as
perfect as shown in Figure 3:15b, as the sample requires tilting away from the detector in order
to angle the diffraction patterns towards the detector which is optimally mounted for EBSD (as
shown in Figure 3:14).

(b)

Figure 3:15. Interaction volumes, the volumes contributing to Kikuchi
diffraction patterns and spatial resolution for 70° bulk sample EBSD (a) and
(b) thin sample TKD; adapted from [154].
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One of the factors that has led to the rapid adoption of this technique is that minimal
adjustments are required to adapt the EBSD hardware and software to collect and analyse TKD
patterns.

The TKD orientation mapping in this study (discussed in §5.1.1) was performed using an FEI
Magellan 400L SEM, using the highest available accelerating voltage of 30kV. A low working
distance of 2 mm was used in order to ensure the patterns were projected onto the detector, and
the sample was tilted to 20° as this had previously been found to be an acceptable compromise
between spatial resolution and pattern quality [160], leading to an interaction volume of ~ 12

nm.

Automated Crystal Orientation Mapping in the TEM
Currently the highest spatial resolution automated orientation mapping that can be achieved is

within a TEM [155]. Similar to EBSD, this technique scans the beam across the sample in a
rastering pattern and captures an image of the diffraction pattern on a phosphor screen at each
point, from which image recognition software attempts to determine the orientation by
comparison to simulated diffraction patterns calculated for the crystal structures. The largest
difference in this technique is that the diffraction patterns analysed are not the Kikuchi
diffraction patterns from the initially inelastically scattered electrons from the interaction
volume, but the diffraction spot patterns of elastically scattered electrons. An example of a

diffraction spot pattern is shown in Figure 3:16.

Figure 3:16. Diffraction spot pattern of a phase in Ti-6Al-4V.

Spot patterns are a result of Bragg diffraction occurring from planes which are approximately
parallel to the electron beam, and therefore the planes responsible for each spot can be identified
by the spacing and angles between the spots and the orientation of the crystal relative to the
beam can be determined. As the effective source of Bragg scattered electrons is the fixed beam,
small variations in the orientation of the crystal will not prevent fulfilment of the Bragg

condition, so although the relative intensity of the diffracted spots will change, the location of
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the diffracted spots will remain the same on the diffraction pattern. This differs from Kikuchi
diffraction where diffraction of inelastically scattered electrons, the effective source of the
Bragg scattered electrons, is within the crystal itself and as such small variations in orientation
will lead to a shift in the diffraction pattern. Therefore the angular resolution is sacrificed when
determining orientation by diffraction spot patterns, but this is offset by the gain in spatial
resolution.

When using this technique within the TEM, all efforts are made to reduce the probe size as
much as possible by using the highest a voltage available combined with a thin sample to limit
beam broadening by scattering events, and by using a relatively small condenser aperture to
keep the beam as small and parallel as possible. The beam is precessed during scanning which
involves the rotation of a slightly tilted beam around the optical axis as shown in Figure 3:17.

000 ) o
Beam-tilt Coils : Scan
Specimen E

Image-shift Coils o0 —— - 1~ 00 De-scan

Figure 3:17. Schematic indicating beam precession within the TEM.

Precession of the beam gives a diffraction pattern at each point that is an integration of many
small differences in diffraction conditions. The chief advantage of which is that the resultant
diffraction pattern is less influenced to dynamic electron diffraction events, such as re-
diffraction and the pattern is closer to that calculated by kinetic theory [161]. This is particularly
relevant in combination with the automated orientation mapping system, as the calculated spot
patterns (known as templates) from which the orientation and phase of the probed volume is
determined, are largely kinematical simulations of the diffraction patterns due to the difficulty in

modelling the majority of dynamic effects.

The automated crystal orientation mapping system used in this study was ASTAR developed by
nanoMEGAS. ASTAR comprises of digiSTAR, a beam control unit that handles both the beam
scanning and precession, and various pieces of software that individually: capture the diffraction
patterns, generate templates for the known crystal systems, compare the diffraction patterns to
the templates, and allow mapping of the data for orientation analysis. Unlike EBSD, pattern
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matching for ASTAR often takes considerably longer than the pattern acquisition due to the

calculations involved and, therefore, the stored patterns tend to be indexed offline.

The TEM used in this study was an FEI Tecnai F30 FEG-TEM operating at 300keV with a
20um condenser aperture to give a measured current of 26pA and a focused probe diameter of 3
nm. The optimal precession angle was found previously to be 0.8 ° as this increased the

reliability of the indexed patterns without detrimentally affecting the resolution [160].

The sample used in this study was the same as that analysed by TKD and was therefore also

prepared by FIB.
3.5.3. In-situ Heating

Paper Manuscripts 3 and 4 are concerned with determining the mechanism by which the
refinement of the prior  microstructure takes place. One of the ways the mechanism was
investigated was to perform EBSD analysis at temperatures approaching the f transus so that
the nucleation of new [ grains could be observed, and simultaneously gain information of their

orientation and location relative to the deformed microstructure.

For this purpose an FEI Nova 600 NanoLab was fitted with a Gatan Model525 Murano heating
stage in addition to an Oxford Instruments Nordlys EBSD detector with infra-red protection. An
image of the heating stage is shown in Figure 3:18. Despite a water cooled base to protect the
microscope, the heating stage is compact enough to be tilted within the SEM to allow EBSD
analysis. However, the constraints of the Nova’s chamber limit this tilt to 60°, which is sub-
optimal for EBSD. A 70° pre-tilted mount has recently been developed by Gatan that also fits
within the chamber of the Nova, but although this allows improved interception of the diffracted
Kikuchi patterns, it comes at the cost of reduced freedom to manipulate the sample within the
SEM.

Silicon Wafer

Figure 3:18. Labelled photograph of the Gatan Murano heating stage;
adapted from [162].
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Much like the ETMT described in §3.2.2, the Murano stage heats the sample with resistance
heating. Unlike the ETMT, the sample is not heated by directly passing a current through it, but
is instead heated by conduction from a silicon wafer that conducts the current. The silicon wafer
can be seen in Figure 3:18 and is shown schematically in Figure 3:19. The wafers are rated to
last over 100 hrs at 800°C, but the lifetime drops dramatically with temperature, and are only
rated to last 10 hrs at 950°C. As with the ETMT, there is a thermocouple that measures the
temperature of the wafer and adjusts the current across the wafer accordingly to reach the
temperature demanded of it. The thermocouple is located on the underside of the wafer, as can
be seen in Figure 3:19, and is separated from it by a soft, highly conductive graphite pad that
ensures good thermal contact. The location of the sample is also shown in Figure 3:19, mounted
on the upper side of the silicon wafer, and is also separated from it by a carbon pad. The carbon
pad in this case serves two purposes; first, to lift the sample higher to reduce the working
distance to the pole piece and EBSD detector, and secondly, to mirror the situation on the
underside of the wafer, so the thermocouple gives a more accurate representation of the sample

temperature.

The sample size that can be heated is fairly small, limited to 9 mm in length by the length of the
silicon wafer. In width, the sample is limited to 4.5 mm which corresponds to the distance
between the grips. The depth of the samples should not exceed 1.5 mm, as deeper samples may
come into contact with the shroud placed over the heater assembly to protect the detectors in the
SEM. Small samples are also desirable experimentally as they will have a smaller specific heat
capacity and so take less energy to heat, and are more responsive to changes in temperature. The

samples are affixed to the graphite (and in turn to the silicon wafer) by a water based graphite

paste.
Conductive Grips
Sample —
Silicon Wafer —— [ °® Graphite Pads
Current control
Thermocouple
Alumina Block
Water Cooled Base

Figure 3:19. Schematic of sample mounted on the Gatan Murano heating
stage.
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Due to the reactivity of titanium, extensive lengths were gone to for the experiments contained
within this study to limit the presence of gases within the SEM chamber. After fixing the
samples to the wafers with the carbon paste, the entire heater assembly was baked at 180°C for
30 mins and allowed to cool prior to insertion into the microscope in an attempt to evaporate
volatiles from the paste. No microstructural evolution is expected in Ti-6Al-4V at this
temperature. Once the heating stage was mounted within the SEM, the chamber was pumped
down to operating pressures (10 torr) before being backfilled with nitrogen gas in an attempt to
eliminate contaminant molecules from within the air. The chamber was backfilled three times
before being left until the chamber reached a ‘good’ SEM chamber vacuum of less than 107 torr

before beginning the heating experiment.

For all experiments run, the heating rates at lower temperatures (less than 500 °C) were
reasonably high at ~1°C/s. However, the pressure in the chamber was closely monitored, and if
there were any sudden jumps or significant increases in pressure due to degassing, then the
heating would be paused and the sample held at temperature until a lower pressure had been re-
established. No significant degassing events would be observed after ~250°C; however, the
pressure within the chamber continued to rise slowly with temperature, presumably due to

molecules adsorbed onto the surfaces within the SEM being excited by infra-red radiation.

The specifics of the heating rates and sample geometries used are provided in the relevant

sections where the results are presented.

3.6. Beta Reconstruction

As this work is primarily concerned with the prior § microstructure formed in hybrid AM and
deformation processing, it is important to obtain orientation maps of this phase to allow textural
measurements, grain size and grain boundary analysis, as described in83.5.2. However, the task
is made challenging as this is the high temperature phase. The B transus being above the
comfortable operating temperature of the heating stage described in 83.5.3 precludes mapping at
temperature, and that is before thermal evolution of the microstructure is taken into account. It
is possible to index the orientations directly by EBSD due to there being some residual
remaining at room temperature. However, due to the cooling rates involved in AM, the room
temperature microstructure is extremely fine, and the majority of the residual f is below the
resolution of the EBSD parameters used for large area mapping, and even when statistically the
beam happens to fall on a thick enough region of  to acquire a diffraction pattern that can be
indexed (i.e. at a triple point where o laths meet), it is unlikely that enough of such patterns will

be acquired in each prior B grain to reliably rebuild the prior  microstructure.

Fortunately, it is possible to calculate the prior § grain structure from room temperature

measurements of the o microstructure due to the phase relationship maintained by the two
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phases through transformation as described in 82.3.3. As the Burgers’ orientation relationship
(BOR) is maintained, there are 12 distinct o orientations that form within each 3 grain on
cooling through the transus, it is also known that each o lath can only have transformed from 6
possible prior B orientations. Therefore, with the orientations of two or more a variants which
are believed to have originated from the same  grain, it is possible to calculate the most likely
parent 3 orientation from the misorientation between them. The extension of this is to take
entire EBSD maps of the o phase, where both the orientation and spatial location of the variants
is known, and to calculate for each point what the most likely parent p orientation was before it

transformed.

In this study B orientation maps are constructed using a procedure developed by Davies and
Wynne [163,164], based on earlier work by Humbert et al. [165,166]. This technique is
explained fully in ref. [163] and is summarised below.

B reconstruction takes place in 4 distinct steps:

1. Identification of neighbouring points that belong to the same @ variant.
This is done by defining a maximum misorientation that two neighbouring points can

have and still be considered the same variant; this is kept at 2 ° by default.

2. Calculating possible p transformations for all a variants
For each a variant, the 6 possible B orientations it could transform to obeying the BOR

are calculated.

3. Identification of neighbouring e variants that transformed from the same p variant.
As there are only 12 variants that can transform from each 3, then there are only 11 set
misorientations that can exist between an o variant and another from the same f grain.
The misorientation between neighbouring points in different o variants are compared to
these 11 misorientations. If the variation is below a threshold value (3° by default), then
the boundary is determined to fufuill the BOR, and both o variants are identified as

being from the same prior  grain.

4. Determination of the parent p orientation.
The misorientation analysis in step 3 will give a maximum of three possible solutions
for the parent B orientation, and will most likely have given a unique solution, for each
point in the a variant neighbouring another o variant. However, if more than one
solution is given then these orientations are also compared to the 6 orientations
calculated in step 2, and whichever occurs the most often is assigned as the  parent

orientation for those o variants.
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Construction of the B map allows for manipulation and analysis of the data as if it had been
collected by EBSD directly, such as allowing textural measurements, grain size distributions,

and grain boundary misorientations amongst others.

3.7. Heating Validation

In order to interpret the in-situ heating experiments it is important to understand the
transformation behaviour of the investigated Ti-6Al-4V alloy. In addition to the measurement of
the B-transus by change in resistance described in 83.2.2, the transformation with temperature
was also measure directly by Differential Scanning Calorimetry (DSC), and predicted by

simulation using computational thermodynamic modelling.
3.7.1. Differential Scanning Calorimetry

Differential Scanning Calorimetry (DSC) provides a way to measure physical transformations in
a material by measuring their associated change in enthalpies. DSC operates by heating both the
sample and a reference at an identical rate. Measurement is made of the amount of energy
required to achieve the temperatures, and if more or less heat flow is required to maintain the
temperature compared to the reference, then the sample is experiencing an endothermic or
exothermic process respectively. For example, the phase change from a — f in titanium is
endothermic [167], requiring heat from the surroundings to take place, consequently a greater
flow of heat to the sample is required than to the reference during the phase transformation to
achieve the same temperature. Therefore in a plot of temperature against energy required to heat
the sample (relative to the reference) any change in enthalpy is registered as a peak. From the
peak the enthalpy of the transformation can be calculated, as well as the temperature of the

onset and completion of the transformation.

Using a high heating rate results in a stronger signal against the background noise and therefore
allows for more accurate peak measurements. However, the completion of the transformation is
found to be delayed at faster heating rates due to thermal gradients within the sample [168].
This is complicated further in Ti-6Al-4V, where the transformation does not take place at a
distinct temperature, as there is  present at room temperature, and the transformation takes
place takes over a range of temperatures. It is found that slower heating rates allow more time
for diffusion to take place, leading to a greater proportion of B during transformation at any
given temperature [169]. Therefore to get a full depiction of the transformation it is necessary to

run the DSC on identical samples at several heating rates.

In this study DSC tests were carried out in a Netzsch 404 F1 Pegasus on cylindrical samples cut
from the WAAM wall measuring 4.5@ mm x1.2 mm thick with an empty alumina crucible as
the reference. The tests were run from room temperature to 1100 °C in order to encompass the
phase change at ~1000 °C at three different heating rates of 5, 12 and 20 °C/s. Oxidation was
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prevented by the achieving a vacuum in the DSC chamber and backfilling with argon shielding
gas three times before running the experiment and a constant flow of 40 ml/min of shielding gas
was maintained over the sample during testing. To further protect against oxidation, a titanium
‘getter’ with a large surface area was also placed in the DSC furnace.

3.7.2. JMatPro Phase Alloy Simulation

JMatPro, by Sente Software, is a powerful piece of simulation software that uses computational
thermodynamics and physical and microstructural models in an attempt to predict a range of
microstructural characteristics of metallic materials. For the purposes of this study, JMatPro was
used to predict the proportion of phases present at any particular temperature in order to
correlate with the transformation observed by the in-situ EBSD experiments described in §3.5.3.
JMatPro calculates the phases present at a temperature by using the CALPHAD approach.
CALPHAD, the CALculation of PHAse Diagrams, has been described extensively elsewhere
[170], is concerned with the development of mathematical models that describe the
thermodynamic behaviour of phases from experimental observations of binary and ternary
systems, that are then used to predict the behaviour of multicomponent systems. A disadvantage
of the process (as it is being used here) is that the phase proportions are calculated under
equilibrium conditions; i.e. as if given infinite time for diffusion to occur. However, this is not
deemed to be too far removed from the situation in the in-situ experiments that involved
relatively slow heating rates and several holds at temperature to carry out the mapping. The
coefficients of the thermodynamic properties of the possible phases are held within the

Thermotech database, and the composition of the alloy was measured directly.

Compositional analysis of the WAAM material was carried out by Timet, Birmingham,
England. Metallic compositional analysis was carried out using inductively coupled mass
spectrometry on a HORIBA ULTIMAZ2, and the oxygen and nitrogen content were determined
by inert gas fusion with a LECO EF-400.
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4. Manuscripts

The four paper manuscripts that follow make up the bulk of the work presented in this thesis,
along with the supplementary results presented in 85. The manuscripts are not ordered in the
order of publication, but in the order that is believed to give a more complete story to the
research. The first two manuscripts focus on characterisation of the effect an in-process
deformation step has on the microstructure of two different AM processes, where it was
observed in both cases that a greatly refined prior  grain structure with a weaker texture was
formed, rather than the expected coarse columnar structure described in §2.5.1. The subsequent
two manuscripts attempt to explain the origin of the refined 3 structures that had been observed

and described in the previous two.

Each Manuscript includes the same text and figures as the published versions, but they have
been reformatted to be in keeping with the rest of this document. A brief introduction is given
before each manuscript to summarise and give the context of the work, including attributing the

contributions of the named authors to each manuscript.

4.1. Integration of Deformation Processing with Additive
Manufacture of Ti-6Al-4V Components for Improved p Grain
Structure and Texture

This manuscript was the first published work to observe the effect of a deformation process step
in combination with an AM technique. The effect of peening on a laser based AM technique on

the resultant grain structure and texture was investigated in Ti-6Al-4V samples by EBSD.

This paper was submitted on 11™ November 2014 as conference proceedings for TMS:2015,
held in Orlando, Florida over the dates 15™-19" of March 2015, where the work was presented
by the lead author. The paper underwent peer review and was published in a printed volume on
the 16" February 2015, and online on the 27" February 2015.

The contributions of the named authors were as follows:
University of Manchester

Jack Donoghue — Lead author, all metallographic preparation, SEM analysis and EBSD data
analysis.
Phillip Prangnell — Supervisor of Jack Donoghue

BAE Systems

Jagjit Sidhu & Andrew Wescott — Responsible for the manufacturing of the samples only.
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Integration of Deformation Processing with Additive
Manufacture of Ti-6Al-4V Components for Improved p Grain

Structure and Texture

Jack Donoghue', Jagjit Sidhu?, Andrew Wescott?, and Phillip Prangnell*

'Materials Science Centre, University of Manchester, Grosvenor St. Manchester M13 9PL, UK
’BAE Systems, Sowerby Research Centre, PO Box 5, Filton, Bristol BS12 7QW, UK
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Abstract

With Ti alloys like Ti-6Al-4V, the solidification conditions across virtually all AM platforms
lead to strongly textured, coarse columnar, 3 grain structures. Transformation to a on cooling
dilutes the texture, but significant texture is still inherited which contributes to undesirable
anisotropy in AM parts. In the work presented a deformation step has been integrated into the
manufacture of components produced by the blown powder method, using an Ultrasonic Impact
Treatment (UIT), which has the additional benefit of reducing residual stresses. It has been
found that the introduction of surface deformation to each layer can lead to a greatly refined
grain structure with a more randomised texture. To investigate the origin of this effect,
reconstruction of the § grain structure and texture from the o EBSD measurements has been

used to characterise the high temperature 8 microstructure.

Introduction

There is potential for the aerospace industry to greatly benefit from Additive Manufacture (AM)
as it allows the near-net-shape manufacture of components [1-7] and provides more design
freedom than traditional manufacturing, which can facilitate substantial weight savings through
better design optimisation [1]. Ti-6Al-4V is one of the most widely used titanium aerospace
alloys due to its high specific properties [8]. However, optimum performance is traditionally
achieved with this material through the thermomechanical processing (TMP) [9]. In contrast,
AM is based on the layerwise deposition of material through melting and this can lead to quite

different microstructures and textures [2,3].
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Of particular concern in aerospace components with alloys like Ti-6Al-4V is that coarse-
columnar primary B-grain structures are nearly always observed in AM processes [2,3,7].
Transformation to a on cooling refines the microstructure, however, significant texture is still
inherited in the a phase and this can contribute to anisotropy. A coarse B structure develops in
AM because there is a steep thermal gradient in the melt pool ahead of the solidification front.
When combined with the high partition coefficients of Al and V in Ti [10], this limits the degree
of constitutional supercooling that is possible and nucleation ahead of the solidification front
becomes very difficult. As a result, homo-epitaxial re-growth takes place within each melted
layer, allowing coarse directional grain structures to develop that can grow up through many
deposited layers. [2,3,7]. In addition, because of the preferred <001> growth direction in cubic
metals, the large columnar grains tend to have a strong B <001> fibre texture parallel to the
average solidification direction within a particular AM process [2,3]. Disrupting this columnar
structure by metallurgical means is challenging as there are few options for grain refining

additions in titanium [11].

In a-f alloys like Ti-6Al-4V, upon rapid cooling below the B transus, the majority of the p phase
transforms to fine Widmanstétten o lamellae [9] while the remainder of the parent 3 is retained
as thin layers between the a plates [12]. The texture is weakened by the transformation as there
are 12 possible variants of the o phase formed within each [ grain, as described by the Burgers
orientation relationship [13]; {110} || {0002} a, (111)B || (112 0)a. However, on reheating back
to the  phase field, which in AM generally occurs several times within each deposited layer
[3], the retained  phase re-grows with its original parent orientation, consuming o, and thus

thermal cycling does not lead to any significant texture weakening.

In AM processes a component is built up from multiple tracks with a small moving heat source
which can lead to the development of substantial residual stresses and distortion [5]. Similar
stresses are accrued with a single track deposition in traditional welds, and have previously been
relieved by imparting a compensating plastic strain by treatments such as peening [14] and
rolling [15]. However, when a rolling step was introduced into a wire-plasma AM process, in
addition to a decrease in residual stresses, a large reduction in the prior § grain size was
observed accompanied by a weakening of the f <100> fibre texture [16]. Given the relatively
small plastic strains applied in this work, this is quite a surprising result and the mechanism of
grain refinement still remains to be fully explored. In the present work, the laser blown powder
technique (LBP) has been integrated with Ultrasonic Impact Treatment (UIT) (a form of
peening [17]), of the deposited layers to determine if a similar microstructural improvement

could be achieved with this higher layer resolution AM process.
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Experimental

AM Builds

Simple linear ~ 250 long, ~15 wide, and ~ 65 mm high walls were built up using a laser blown
powder AM system with gas atomised Ti-6Al-4V powder. The power of the Nd-YAG Trumph
laser used was 1000W and the deposits were produced with a constant travel speed of 15 mm/s.
The powder was blown into the melt pool by an argon carrier gas and oxidation was prevented
by containment within an argon filled environment. Deposition occurred on a base plate of
similar composition to the powder. 20 tracks of material were deposited to make up each layer
and 75 layers were deposited to make each wall, with a layer height of ~0.9mm. The build
sequence for each layer was identical, but the raster direction was reversed. Thus below, X is
taken to be the direction parallel to the length of the wall and beam travel direction and z is
normal to the layers. Three builds were made for comparison purposes; i) a standard build with
no deformation, ii) with an Ultrasonic Impact Treatment (UIT) applied every 5 layers, and iii)
with UIT applied after every deposited layer. UIT was applied when the material had cooled

down uniformly across the top surface of each layer.
Characterization and [5- Phase reconstruction

For metallographic examination the walls were sectioned in the x-z and y-z planes, before being
ground and polished. Samples were etched with Kroll’s reagent for optical microscopy.
Orientation and texture analysis was carried out by Electron Back Scatter Diffraction (EBSD) in
a Camscan FEG-SEM. Orientation maps were generated with an Oxford instruments EBSD
system, operating Channel 5 software. The textures of the reconstructed high temperature 3
phase (see below) and room temperature o phase are depicted by pole figures. As the <100>
fibre texture was aligned with the columnar grain growth direction, and this was found not to be
coincident with the y, and z directions in the build geometry. A second reference frame has been
used where x, y, and z have been rotated around the x axis to x, y’, and z’ so that z is aligned
with the dominant grain growth direction, or <100> fibre axis. This procedure has been adopted

throughout to produce the IPF coloured orientation maps depicted below (See figure 1).

Because EBSD measurement are made at room temperature, where it is very difficult to resolve
the small quantity of retained 8 phase, reliable orientation date could only be obtained from the
a phase. Thus, in order to characterise the primary -phase, a reconstruction procedure was
applied (developed at The University of Sheffield and described elsewhere [18]) which
calculates the most probable parent 3 orientation for any a grain by utilising the Burgers

relationship, and comparison of the misorientation between neighbouring a plate variants.
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O {100}

Figure 1. Example of the rotation typically required of ~ 20° around the x
axis of the build geometry (x, y, z) to (X, y’, z’) to align z’ with the dominant
<001> fibre axis of the columnar grain growth direction for the B phase.

Results and Discussion

Optical images of the conventional LBP build (i) can be seen in figure 2 where it is possible to
readily distinguish the coarse columnar prior-f microstructure as well as microstructural
banding. Similar banding has been observed in other AM processes [4,19] and is associated
with microstructural changes that occur across the B transus [4]. Epitaxial-growth of the prior B
columnar grains up through many deposited layers can clearly be observed in figure 2a, where
the grains are approximately ~ 0.25 mm wide and over 1 cm in height, some being taller than
the field of view. The ‘fish-scale’ banding morphology in figure 2a is related to the semi-
circular cross-section of the weld pool seen when viewed transverse to the direction of travel,
(y-z plane), which is tilted due to overlap with the previously deposited neighbouring track. In
comparison, the horizontal banding observed in figure 2b occurs due to the travel of the heat
source which, when viewed at steady state in this plane, maintains a constant depth for the

isotherm that reaches the B transus temperature.

Also visible in this cross-section is curvature of the grains towards the y direction, caused by
them following the maximum thermal gradient at the solidification front from the tilted bowl-
shaped melt pool. In comparison the tilt of the grains is very slight in figure 2b, because from
this perspective the rapid movement of the laser in x elongates the melt pool causing a flatter
solidification front. In addition, tilt in x is effectively suppressed by the reversal of the beam
travel direction with each successive pass which results in the average preferred growth
direction being parallel to z [3]. In contrast tilt in y in the y-z plane is reinforced in each

successive layer, as regardless of the direction of deposition in x, the tracks were stepped across
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from the same side of the build and thus the curvature of the solidification front was always the
same when viewed in this plane.

Figure 2. Etched microstructures of the standard wall (no UIT) in the z-y (a),
and z-x (b) planes.

Effect of UIT on the primary p grain structure

In figure 3 the primary [ grain structures are clearly seen in IPF orientation maps reconstructed
from EBSD measurements of the a orientations present at room temperature. Figure 3 includes
maps of the three samples produced with and without the UIT treatment, where the data has

been rotated as described in figure 1 to align z' with the principle <001> fibre direction, which is
coloured red.

Figure 3. Reconstructed EBSD maps of the y-z plane from (a), the untreated
build, (b) with UIT applied every 5 layers and (c), UIT applied every layer.

87



J. Donoghue — PhD. Thesis

In the untreated control sample, shown in figure 3a, large columnar grains are again clearly
visible and it is evident from their dominant red colour that the grains have a strong <100>
preferred growth direction. In the second sample shown in figure 3b the UIT treatment was
applied to every fifth deposited layer, and as a result a band of finer equiaxed grains can be
observed, breaking up the columnar structure and limiting the height of each columnar band to
~4 mm. The narrow bands of equiaxed grains that have been produced within each deformed
layer are much finer than the columnar grains, (~ 50um in diameter) and have more random
orientations. However, too few grains have been sampled to give reliable statistics. In figure 3c
the effect of applying the UIT to every layer is also shown, which leads to an alternating
structure of fine equiaxed grains and smaller columnar grains. The more frequent application of
UIT now limits the columnar grains to a height of only ~0.5mm, leading to a more random

texture.
Effect of UIT on texture in the LBP process

As can be seen from the f <001> pole figure in figure 4a, from the standard build without the
UIT treatment, there is strong <100> alignment along the columnar grain direction. This
confirms that the moving melt pool solidification conditions, combined with layer-by-layer
deposition, leads to epitaxial growth of a coarse, preferentially aligned 3 grain structure in a Ti-
6AIl-4V alloy. However, although there are statistical concerns as only a relatively small number
of grains were sampled (~500), rather than forming a true <100> fibre as has been reported in
the literature [20], it appears that the columnar grains are predominantly spread around a cube
component that is rotated ~ 45° around z', relative to the laser travel direction. It should also be
noted that, as shown in figure 1, the fibre axis was originally tilted around x by 20° away from
the layer normal direction (z) because of the curvature of the melt pool base and the effect track
overlap had on the tilt of the melt pool surface. Cube [3] and 45° rotated cube [2] components

have been previously reported in AM builds using an electron beam method [2].

A possible explanation for the cube orientation has been given by Antonysamy et al. whom
suggested that a repeated alternating orthogonal raster pattern can encourage alignment of the
<100> growth direction with the beam path as well as in the build direction [3]. However, this
explanation is not applicable here as the cube texture is orientated at 45° to the travel direction.
This behaviour needs further investigation, but in the LBP process it is possible that it is related
to the shape of the melt pool where an elliptical, or tear drop shape, would cause grain growth in

the x-y plane to occur predominately at an angle relative to the beam travel direction.
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Figure 4. <100> pole figures indicating the j texture strength for (a) the
standard untreated build, (b) LBP with UIT applied every 5 layers, and (c)
LBP with UIT applied to every layer.

In figure 4b it can be seen that when UIT was applied to every fifth layer the average texture
was substantially weakened by a factor of ~40%. As the layers of fine randomly orientated
grains produced by this treatment were very thin and did not contribute greatly to the sample
volume. The texture weakening has occurred largely as a result of the bands of columnar grains
not being able to develop such strong preferred orientations, owing to their growth being
repeatedly cut-off by the application of the deformation treatment; i.e. the reduction in texture
strength is more related to the length of stable columnar grain growth that is needed to re-

establish a strong <100> texture after it is interrupted.

This interpretation can be better demonstrated by separating the textures obtained from the two
grain structures, as has been done in figure 5. From these results it can be seen that the main
<001>//z' component taken from the columnar band data has only a slightly stronger maximum
intensity than that seen for the whole volume averaged texture (figure 4b). In addition, it can
now be seen that the thin band of refined grains has a very weak texture, which still contains

some of the same 45° rotated cube component.

MUD

Figure 5. Separation of the textures of the sample deformed every five layers
into their columnar and refined regions.

More important than the above results, in terms of understanding the potential for the ultrasonic
impact treatment to improve texture in AM, is that when UIT was applied to every deposited
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layer the  texture became very weak (figure 4c¢). In fact, from figure 4c it can be seen that when

UIT was used repeatedly on every layer the resultant texture of the wall was effectively random.

Figure 6. {0002} basal pole figures indicating the room temperature o texture
strength of (a) the standard build, (b) with UIT applied every 5 layers and (c)
the texture when UIT was applied every layer.

As described in the introduction, owing to the 12 orientations possible from the Burgers
relationship, transformation to a at room temperature significantly weakened all the final
textures of the AM parts relative to those seen for the primary [ grain structures that developed
during solidification (figure 6). Thus, the strong [ texture seen in the standard wall transformed
to a stronger o texture than in the ultrasonic impact treated walls, but in both cases the texture
was weakened by the transformation. In contrast, because of the original weakened [ texture, in
the build that was treated with the UIT process every layer the o texture was effectively
eliminated.

Origin of the microstructural refinement

In AM, the effect of the deformation applied to the top surface of a build by the UIT process
cannot be interpreted simply as 'recrystallisation' because of the complex thermal cycle the
material experiences and the fact that there is a massive a — [ phase transformation that occurs
on re-heating each layer above the B transus temperature, by subsequent passes of the heat
source. In the undeformed standard sample establishment of a columnar microstructure is
enabled by the retained B in the room temperature transformation microstructure, which acts as
nuclei for the primary  microstructure to re-grow upon re-heating above the f§ transus. On
solidification of a new added layer, epitaxial re-growth then occurs from this re-created p grain
structure. It is therefore apparent that deformation of the room temperature microstructure by
UIT must result in the development of new [ orientations within the retained  phase that then
can grow as new grains on reheating in the next pass. Alternatively, intense deformation of the a
lamellae, and possibly by processes like twinning, could cause new P orientations to nucleate

within the o phase during reheating.

The UIT process itself only introduces local deformation below the surface with a diminishing
strain with depth, and it is evident most of this region is lost by re-melting as the next layer is
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deposited. With the current process parameters the UIT treatment is thus only just successful,
because the depth of deformation is just deep enough to survive application of the next layer
and provide sufficient deformation to induce refinement of the § phase when it re-grows; i.e. we
do not see a graduated microstructure across the refined zones to correspond with the decrease
in stored energy with depth, that would be expected from the UIT process. Instead only a thin
layer of refined grains is observed with a distinct boundary between the columnar structure
underneath, implying that there must be a critical condition to overcome in order for the grain
refinement to occur. As in the y-z plane the refined zones occur in horizontal bands parallel to
the deformed surface, rather than following the fish-scale banding pattern that indicates the
temperature profile below each melt track, it can be deduced that this critical condition is strain
limited. This refined layer of random J grain orientations then goes on to disrupt the
development of columnar growth of the same grain orientations up through many layers. When
allowed to continue, this behaviour would normally result in the growth of very large grains that
are progressively selected to be more closely aligned with the optimum growth direction and,
hence, the UIT treatment also disrupts the development of the strong <001> texture seen in the
standard build.

Conclusions

As has been noted in other AM processes, a coarse columnar prior B grain structure
with a strong texture is formed by preferential <100> growth in the standard LBP process.

However, a rotated cube component has been observed rather than a <100> fibre texture.

The addition of UIT to every layer is a very effective process step for interrupting
columnar growth of the coarse B grain structure normally seen on solidification. This is

achieved by producing a band of finer equiaxed prior  grains with a randomised texture.

Although the depth of surface deformation obtained by UIT in this study was not great
enough to fully refine the microstructure of each layer, this could be achieved with an AM
technique that has a thinner layer height and/or by a deformation process that can impart a

greater depth of deformation.
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4.2. The Effectiveness of Combining Rolling Deformation with
Wire-Arc Additive Manufacture on p-Grain Refinement and
Texture Modification in Ti-6Al-4V.

Similar to Manuscript 1, this manuscript uses EBSD extensivly to characterise the effect the
addition of an in process deformation step has on the microstructure and texture of Ti-6Al-4V
AM builds. In this instance the effect of a rolling step on a wire-arc AM technique are
investigated. This study goes into more detail than the previous included manuscript, and
attempts to relate the refined grain structure to the strain distribution imparted by the rolling
step.

The discussion in this paper makes a brief reference to the subsequent included manuscript,
Manuscript 3, due to the dates of publication of the papers. However, the choice has been made
to include the papers out of chronological order as it is believed by the author that it leads to a
more logical reading order to have the two characterisation papers and the two mechanism
papers alongside each other.

This paper was submitted on 15™ October 2015 to the Journal ‘Materials Characterization .
After peer review a revised version of the manuscript was submitted on the 6" January 20186,
which was accepted the following month and made available online on the 8" of February 2016.
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Abstract

In Additive Manufacture (AM), with the widely used titanium alloy Ti-6Al-4V, the
solidification conditions typically result in undesirable, coarse-columnar, primary 3 grain
structures. This can result in a strong texture and mechanical anisotropy in AM components.
Here, we have investigated the efficacy of a new approach to promote  grain refinement in
Wire-Arc Additive Manufacture (WAAM) of large scale parts, which combines a rolling step
sequentially with layer deposition. It has been found that when applied in-process, to each
added layer, only a surprisingly low level of deformation is required to greatly reduce the 3
grain size. From EBSD analysis of the rolling strain distribution in each layer and reconstruction
of the prior  grain structure, it has been demonstrated that the normally coarse centimetre scale
columnar B grain structure could be refined down to less than 100 um. Moreover, in the process
both the B and a phase textures were substantially weakened to close to random. It is postulated
that the deformation step causes new f orientations to develop, through local heterogeneities in
the deformation structure, which act as nuclei during the a—f transformation that occurs as

each layer is re-heated by the subsequent deposition pass.
Keywords: Additive Manufacture; titanium; grain structure; texture,

*Corresponding Author; +44 7853385063
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1. Introduction

Near-net-shape fabrication of metallic components by Additive Manufacture (AM) is an
important new technological area with many potential applications in the aerospace industry
(e.g. [1-17]). AM involves building parts by sequentially consolidating 2D slices of material
that are fused together by a focused heat source [1-3]. A range of AM processes are now
available, mainly based on laser or electron beam systems, that use powder or wire feedstock
[1-12]. Of these techniques, powder bed methods allow more geometrically complex
components to be produced, but the part size is restricted by slow build rates and the limited

dimensions of the working chamber [1-4].

Recently, a low cost wire-based AM process that exploits standard welding technology has
become of interest to industry [9-11]. In Wire-Arc Additive Manufacture (WAAM) a
consumable wire is fed at a controlled rate into an adapted electric arc (or plasma) welding torch
that is translated by a robot [9-12]. Material is built up in the form of a weld bead that is
overlaid on previously deposited tracks. Shielding can be provided by an inert gas flooded hood,
or deposition can take place in an atmospherically controlled chamber. The WAAM process has
a much higher deposition rate than most other metal additive manufacturing techniques (up to
10 kg/hr). It also provides better material utilization than powder based methods [9-12], but is
restricted to wider wall thicknesses and cannot produce as fine scale features. This low cost

process is therefore most suited to producing larger scale parts with less complex geometries.

The a - B titanium alloy, Ti-6Al-4V, is the ‘work horse’ of the aerospace industry and widely
used in airframe and aeroengine applications, where the production of near-net shape
components by AM can result in significant cost savings. However, a current concern with AM
using this alloy is that coarse primary columnar [ grain structures are nearly always observed to
be produced in the consolidated material. This undesirable grain structure is seen across a wide
range of AM platforms [6,9-16]. With wire based AM the primary 3 grains are often as tall as
the build height and with larger components can be tens of centimetres long [9-16]. This strong
tendency to form coarse-columnar  grain structures in AM with Ti-6Al-4V is difficult to avoid
because it results from a combination of the solidification conditions in a small heated moving
melt pool, where there is a steep positive thermal gradient at the solidification front, and the
metallurgical characteristics of the alloy itself [13-16]. In particular, the Ti-6Al-4V alloy system
does not lend itself to nucleation ahead of the solidification front because of the high partition
coefficients of aluminium and vanadium, which are close to one, and the lack of suitable grain
refining particles in the melt [17]. These process and metallurgical limitations restrict the degree
of constitutional supercooling that can occur so that, when combined with a lack of melt

inoculants, nucleation ahead of the solidification front is difficult to achieve [13-16].
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Although in AM the B grain structure developed during solidification transforms to a fine o and
retained B lamellar structure on cooling below the B-transus temperature, the microstructural
memory of the coarse, directional, primary-§ microstructure can still have a significant impact
on mechanical performance. In particular, directional growth of large primary § grains generally
produces a strong <001> fibre texture, which gives rise to a related a transformation texture
[13-16] and this can potentially result in texture clustering of aligned a-plates within the 8
matrix. Such factors are known to be detrimental to fatigue life [18,19] and can contribute to
mechanical anisotropy [20-22]. In addition, with a coarse primary B grain structure, grain
boundary o can cause premature failure in transverse loading [21,23]. However, to date, little
systematic work has been published on the texture found in AM titanium components produced

by wire-based techniques like the WAAM process.

Potential methods for refining the poor primary grain structure seen in AM deposits include; i)
modification of the solidification conditions in the melt pool, through manipulation of the
process variables [10], or ii) altering the alloy chemistry [17,24,25]. However, in AM there is
limited scope for changing the process window, because this is dictated by the conditions
required to obtain stable part dimensions [9,10]. Furthermore, while trace additions of elements
like boron are known to act as growth restrictors in titanium [25] this can have negative

consequences through the formation of brittle second phase particles (e.g. TiB).

In the present work an alternative approach has been investigated for improving the large
columnar B-grain structures and strong textures typically seen in wire-based AM processes. This
has involved the introduction of a small deformation step sequentially with the deposition of
each layer. The deformation step was applied using a roller integrated with the AM system, so
that each deposited layer could be lightly deformed before adding a new layer of material
(Figure 1). Although this set up limits the technique to simpler geometries, the aim of this
approach was to see if it was possible to introduce sufficient plastic deformation into each layer
so that refinement of the 3-grains could occur during re-heating, when the next layer was
deposited. It was also hoped that this might generate a weaker texture, which would lead to
more isotropic mechanical properties [18,19,26]. Although the introduction of a light rolling
step in AM will moderately reduce the rate of build-up of material and causes a slight spreading
in the wall width, this can be controlled in an automated manufacturing system and would not
be a major issue when building relatively simple component designs. In fact, it has been found
that rolling increases the accuracy of the wall dimensions, by correcting variation in the wall
width caused by the bead profile [27]. There are also other potential methods available for
applying deformation to each layer in AM that are not so restricted by geometry, such as by

peening [28]; hence the efficacy of this novel approach is of more general interest.

96



J. Donoghue — PhD. Thesis

It should be noted that in this collaborative study the concept of the hybrid WAAM deformation
process was developed by Cranfield University Welding Engineering Research Centre [27,29],
who have previously published work investigating the effect rolling has on the residual stress
within the builds [27], and noting the effect on the refinement of the microstructure [30]. The
current work, performed at Manchester University, is complementary in that it investigates the
effect the refinement has on the primary B and final a texture, and goes into more detail than the
previous work into the mechanism of formation and the distribution of the refined  grain

structure.
2. Experimental

2.1 WAAM samples

The undeformed and rolled WAAM samples were built using a Ti-6Al-4V alloy welding wire
(1.2 mm diameter) with a titanium base plate of the same alloy. The substrate material was a
conventional hot rolled and annealed plate that had a recrystallized equiaxed a -
microstructure [18]. The samples studied were produced under identical conditions - as one
meter long, 20 layer high, straight, vertical walls, using a pulsed GTAW welding system with an
average current of 110 A. Each wall was a single track wide and had a width of ~ 6 mm. Argon
shielding was provided by a trailing hood containing a laminar flow device with a high gas flow
rate. This resulted in an average oxygen content in the deposited walls of less than 1500 ppm.
The deposition parameters employed are given in Table 1 and full details of the WAAM process
can be found in ref [9]. To produce the deformed samples, after deposition of each individual
layer, a 100 mm diameter roller was run across the top of the walls using a rigid gantry system
on which the welding torch was also mounted (see Figure 1). Each layer was rolled after the
temperature of the top layer cooled naturally to well below 300 °C (i.e. close to cold
deformation conditions, and well into the o — [ field). The roller employed contained a 3.6 mm
radius semi-circular groove, designed to approximately match the curvature of the bead surface.
The compressive load during rolling was controlled using a load cell and was applied directly
downwards through the roller bearings to the top of each wall.

Table 1. WAAM deposition parameters used to build the samples
investigated.

Deposition Parameter Value
Travel speed 270 mm/min
Average Arc Voltage 12V
Auverage Current 110 A

Wire feed speed 1.6 m/min
Frequency 10 Hz
Trailing shield gas flow rate 20 I/min
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Five sample conditions were analysed; (i) a control sample built without rolling, as well as two
walls to which rolling was applied after adding each layer, with a down-force of (ii) 50 or (iii)
75 kN, and two walls where rolling was only applied to the penultimate layer with the same

loads (i.e. (iv) 50 and (v) 75 kN) and the final layer was not deformed.

Build direction z

Travel direction x

y
Torch
&
Trailing gas
shielding
Roll hood Wire
g \ feeder

(DLayer height

Wall

Build plate \

Figure 1. Schematic diagram of the combined WAAM rolling process.

In the results presented, a standard reference frame has been used for the orientation of all the
samples where; z is the direction normal to the deposited layers (and parallel to the wall height),
x is parallel to the wall length and coincident with both the torch travel and rolling direction,
and y is the transverse direction normal to the wall surface (see Figure 1). For the samples rolled
every layer the net reduction in wall height is given in Table 2, where it can be seen that the 50
and 75 kN rolling loads resulted in an average compressive strain (g,) of 8 and 19%
respectively.

Table 2. Change in average layer height and wall width after rolling each

added layer in the Ti6Al4V builds, along with the estimated average true
principle strains in ND, RD and TD.

Sample Layer Rolling Wall Change in g gy £x
height reduction Width Width

Control 1.13 - 5.71 - - - -

50 kN 1.04 0.09 6.17 0.46 -0.083 0.077 0.006

75 kN 0.93 0.20 6.71 1.00 -0.19 0.16 0.03
(mm) (mm) (mm) (mm)
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2.2 Characterisation techniques

The undeformed and rolled AM samples were characterised in two cross-sections for
microstructure and textural analysis; i.e. down their centre line in the vertical x-z plane and ii. in
the plane of the layers (x-y), half way up each wall - to observe any microstructural variation
vertically and through the thickness. Following standard preparation procedures, etching and
optical microscopy was used to reveal the deposits’ macrostructures. Metallographyically
prepared samples were analysed by scanning electron microscopy and electron back scatter
diffraction (EBSD) orientation mapping using a CamScam Maxim FEG-SEM. Orientation maps
were collected with an Oxford instruments EBSD system, with Aztec acquisition software.
Large area maps of ~ 12 x 6 mm, with a 5 pum step size, were used to obtain average texture data

and provide comparative macro-views of the coarse B-grain structure across all samples.
2.3 p- phase reconstruction and texture analysis

In a Ti-6Al-4V alloy with a fine lamellar microstructure it is challenging to index the residual -
phase directly by conventional EBSD because of its small scale and low volume fraction (~ 5-
9% [31]). The high temperature parent 3 phase grain structures and textures that were originally
present after solidification, prior to transformation on cooling, were therefore reconstructed
from room temperature o orientation data using a procedure developed by Davies and Wynne
[32,33], based on earlier work by Humbert et al. [34,35]. Full details of this approach can be
found in ref. [32]. The reconstruction procedure uses the Burgers Orientation Relationship
(BOR) between the o and B phase to calculate the six possible B parent orientations for each o

plate [32-35]; where the BOR is given by:

{110}, [ {0002}, (111)y]|(1120),

The most probable parent § orientation for each a plate is then selected by comparing the most
common solution for the misoreintations between neighbouring data points. Variables within
the procedure that can be altered are the misorientations between neighbouring a points, that can
be considered the same a variant, and the allowable maximum angular deviation from the ideal

BOR [32]. Here, these parameters were kept at 2° and 3°, respectively.

Texture information was extracted from the original measured o EBSD maps and reconstructed
B orientation data and is presented in standard pole figures. In all the orientation maps, inverse
pole figure (IPF) colouring has been used with the reference axis aligned with the main fibre
direction, which is close to z. High angle grain boundaries (HAGBs) >15° in misorientation are

depicted by black lines.
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2.4 Strain distribution in the AM deposits

In order to relate the plastic deformation to the refined microstructure, it is necessary to map the
distribution of the plastic strain as well as the distribution of the grain sizes. Two different
approaches were applied to determine the plastic strain distribution in the rolled AM samples
using EBSD maps; i) from the pattern quality and ii) the relative effect on the deviation of the
misorientation of neighbouring a variants from fulfilling the BOR. If the microscope conditions
are kept constant, variation in pattern quality can be attributed to local changes in distortion of
the crystal lattice caused by the rolling deformation [36]. The standard measure of pattern
quality is Band Contrast (BC), which refers to the brightness of the diffracted bands above
background. However, here the Band Slope (BS) was used, which is the gradient of the intensity
of signal at the edge of a band (slope of the intensity above back ground). BS was chosen due to
the lower sensitivity of the probed volume to crystallographic orientation, compared to BC,
which is more strongly affected by how well orientated the crystallographic planes are for
diffraction [37]. For method ii) the deviation of misorientations between neighbouring a
variants from fulfilling the BOR, within the EBSD data, was determined using the 3
reconstruction software. In Ti alloys this method is effective because, although there will be
local variability between specific o variants, on average the degree of rotation of neighbouring a
plates away from the ideal BOR increases with plastic strain [38]. Although neither of the above
techniques give direct values for the strain, they both give a reliable qualitative indication of

how the strain is relatively distributed within the wall.
3. Results

3.1 Overview

Macroscopic optical images of sections through the centre of the WAAM walls (x-z plane)
produced with and without deformation applied to each added layer, are shown in Figure 2. The
main features that can be noted are the prior B grain structure that developed on solidification,
before transformation to an o - § lamellar microstructure on cooling to room temperature, and
the regularly spaced horizontal white bands. In the un-rolled wall (Figure 2a) the presence of
very large prior columnar B grains can clearly be seen, which run upwards virtually throughout
the entire build height. In comparison, when rolling was applied (Figures 2a & b), coarse
columnar B-grains are absent and the new grain structure is hard to distinguish at this
magnification. However, smaller columnar grains can still be observed in the last added layer,

which has not been reheated by subsequent deposition passes.
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Figure 2. Macroscopic views of sections through the WAAM walls, cut along
their centre, x-z, plane produced; (a) without deformation and with an
increasing applied rolling load, of (b) 50 kN and (c) 75 kN.

The spacing of the white bands seen in Figure 2 corresponds to the height of each added layer.
The bands are formed within the Heat Affected Zone (HAZ) that developed by the moving
thermal field below the heat source, as each new layer is deposited [9]. Similar banding has
been seen in other AM processes [6,9,12,15] and is thought to occur at a depth where the peak
temperature reached was just below the P transus temperature. This has been reported to result
in local coarsening of the transformation microstructure [9,12]. In most AM processes the
thermal field depth that causes this effect corresponds to three to five added layers, depending
on the processing conditions [6,9,11]. With the WAAM process the first white band can be seen
to be at a depth of about 8 mm blow the top surface (Fig. 2) and occurred at a depth equivalent
to approximately four layers. In the last layer deposited, the newly added and re-melted material
solidifies as the B phase and the material within the HAZ of the last pass above the top white
band is fully re-heated into the B phase field. This region then transforms directly to a on
cooling, although material lower down in the HAZ will have been re-heated and re-transformed
between one and three times, depending on the sequential layer number [6]. Hence, the top four
layers above the last white band, where deformation was concentrated when each new layer was
rolled (see below), had a similar fine lamellar transformation microstructure. This
microstructure was relatively uniform and was mainly comprised of a Widmanstétten o
morphology, with thin layers of retained B between the lath boundaries (Figure 3). Regardless of
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being rolled or not, all the samples underwent a very similar cooling rate [30] through the B
transus, and therefore the a transformation structure was found to be nearly identical for all
build conditions.

Figure 3. Example of the typical a-P transformation microstructure seen in
the WAAM deposits.

3.2 Strain distribution

In Figure 2 the application of a rolling pass to each added layer can be seen to have reduced the
overall height of the walls by an amount that increased with the applied load. The average
principal (true) strains implied by the net wall shape change are shown in Table 2. It can be seen
that the samples rolled with an applied load of 50 and 75 kN had deformed by an average
compressive strain in z of 8 and 19%, respectively. The net strain values indicate a decrease in
average layer height and an increase in wall width after deformation, while the increase in
length of the sample along each wall in the rolling direction was relatively small. This is to be
expected because, with a thin wall that is attached to a base plate, there is high constraint along
the wall in the rolling direction and less lateral constraint than with a conventional rolling
geometry. The net average shape change experienced by the WAAM walls was thus close to
plane strain, but with the principal components rotated 90° about the build direction, z, (or ND),
relative to RD in conventional rolling of a wide plate [39]. However, as will be seen below from
the EBSD strain mapping results, the local strain distribution in each layer was found to be

highly non-uniform.

The local strain distribution in an individual layer was investigated using the techniques
described in §2.4. In Figure 4 the change in EBSD pattern quality determined from the band

slope (BS) is plotted with depth down the centre line of the walls rolled with 50 and 75 kN
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loads. It should first be noted that the periodicity observed in the BS plot deeper in each wall
(on the right hand side of the plot) is caused by the microstructural banding in the
transformation structure described above (Figure 2). This occurs because local variations in the
coarseness of the microstructure within a layer systematically changes the density of a plate
boundaries across it, which in turn influences the average value of the BS due to the poorer
quality of overlapping diffraction patterns encountered at grain boundaries. In comparison,
towards the left side of the graph (i.e. closer to the top wall surface), which is from the region
above the last white band seen in each wall, there is little variation in the oo microstructure.
When this effect is taken into account, the underlying trend in the BS curves can be attributed to
the relative plastic strain within the a-phase. For both rolling loads the BS value can be seen to
decrease to a minimum below the top wall surface before increasing again to level out at
constant value. This behaviour can be interpreted as the plastic strain from rolling being low
near the top surface and increasing to a maximum at a depth of between 1.5 and 2.5 mm, before
then falling off further down the wall to approach zero at a depth of about 5 and 8 mm, for the
50 and 75 kN loads, respectively. It can be further seen that for the sample produced with a 75
kN rolling load the minimum positon in BS value is both deeper and wider than with a 50 kN
load; suggesting that, not only the local strain was larger with a greater rolling load, but that the
depth where the greatest plastic strain occurred also penetrated further below the rolled surface

(2 as opposed to 1.5 mm, with the 75 and 50 kN loads, respectively).
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Figure 4. EBSD pattern quality, measured by the relative band slope, for the
two rolled walls plotted with vertical distance down their centre from their
top surface.
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The conclusion that the plastic strain generated by rolling each layer was low at the top surface,
and greatest between 1.5 to 2.5 mm deep in each wall, can be attributed to the constraint
imposed by the profiled roller. This interpretation can be further corroborated by using the BOR
misorientation mapping technique, the results of which are depicted in Figure 5. As well as
confirming that the maximum strain was concentrated at a specific depth below the top of each
rolled wall, the map in Figure 5 also demonstrates that the strain developed by the grooved
roller was not evenly distributed across a walls width, being focused in its centre with respect to
the wall’s width.

10 20 30 40 50 60+

Figure 5. The strain distribution seen in the top section of the 75 kN rolled
wall, inferred by plotting the deviation of neighbouring a laths from fulfilling
the ideal Burger’s orientation relationship.

3.3 Effect of rolling on refinement of the primary f-grain structure

Figure 6 compares EBSD orientation maps of both the a-phase and reconstructed parent § grain
structures seen in the un-rolled control and rolled WAAM walls. The maps depicted are x-z
centre plane cross-sections taken from the top of each wall to a depth of ~ 10 mm (equivalent to
about the last 8 layers). In the a phase EBSD maps (Figures 6a - c) a memory of the parent §
grain structure is evident from the texture clustering seen in the o variants, which is particularly
obvious in the un-rolled control sample. However, following reconstruction it becomes very
apparent that a coarse columnar [ grain structure with a strong texture developed in the un-

rolled wall before its transformation to o (Figure 6d). The red colouring that dominates the 3
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phase in this IPF map indicates that the columnar grains have strong preferential alignment with
a mutual <001> fibre [13-16]. In the undeformed wall it can also be seen that the columnar £

grains have a width of approximately 2 mm and their lengths’ can be measured in centimetres.

(1010)

A

(1120) (0001)

Figure 6. Measured a-phase (a-c) and reconstructed B-parent phase (d-f) IPF
orientation coloured EBSD maps from the undeformed control and rolled
WAAM walls, produced with rolling loads of 50 and 75 kN, obtained from
mid plane, x-z, wall sections.

In contrast, when the rolling step was applied to each deposited layer, a much more refined
equiaxed B-grain structure was observed, as well as a weaker texture (Figures 6e & f). Greater
grain refinement was also seen in the wall that had received a higher rolling load. In Figures
6(e) & (f) it is further apparent from the grain structure that is formed in the last layer, how
quickly a columnar structure is re-established when it has not been refined by rolling and re-
heating. Finally, a band can be seen in Figures 6(e) and (f) between a depth of 1 to 4 mm’s
below the rolled walls top surface’s where there are unindexed points in the maps. These
missing points result from data being discounted during  reconstruction because it had too
great a deviation from the BOR and the depth of this band coincides with the strain distribution

generated by rolling the last layer, as described above (Figures 4 and 5).
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Figure 7. EBSD reconstructed B grain size maps from transverse, y-z, cross-sections near the top of rolled
WAAM walls; (a) and (b) with only one rolling pass applied to the penultimate layer and (c) and (d) with
a rolling pass applied to every layer, both with rolling loads of 50 kN and 75 kN respectively.

Figure 7 shows EBSD maps from y—z transverse wall cross-sections that have been coloured to
highlight the size distribution of the refined B grains. In (2) and (b) rolling was only applied to
the penultimate layer, and in (c) and (d), as before, every layer was rolled. The images in Figure
7 (c) and (d), therefore, correspond to the transverse sections from the walls previously
described in Figure 6. The grain sizes given are the equivalent circular diameter of the
reconstructed p-grains. From Figures 7(a) and (b) it is evident that when a rolling pass was only
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applied to the penultimate layer, and it was re-heated during depositing the next and final layer,

refinement of the B grain structure predominantly occurred below the top surface within a core

region in each wall. This region of § refinement can be seen to increase with rolling load and
shows good qualitative agreement with the plastic strain distribution inferred from Figure 6.
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Figure 8. The average B grain size variation seen in walls produced when
every layer was rolled after deposition, with a 50 or 75 kN applied load; (a)
across the walls over 5 layers below the final white band and (b) as a function
of depth down their centre lines. In (a) the dashed lines indicate the outside
surfaces of each wall.

When rolling was applied to every added layer (Figures 7c & d) the width of the refined core
region increased, relative to the samples where only the penultimate layer was rolled (Figures 7a

& b), and extended all the way down each wall. The average grain sizes measured below the top
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layer across these walls are given in Figure 8(a). With both rolling loads, the grain size can be
seen to increase towards each wall’s outer surfaces and there is a central plateaus region where
the average grain size is refined to a minimum level, which reduces with increasing applied
load. In the core region at the centre of the walls the B grain size was reduced to around 140 and
90 pum with rolling loads of 50 and 75 kN, respectively. In addition, with the higher 75 kN load
the grain size in the wall core was more uniform and the core region was proportionally wider

compared to the wall thickness.
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Figure 9. Comparison of the B grain size distributions measured from
reconstructed EBSD maps obtained at the centre of the walls rolled with a
load of 50kN and 75kN.

An equivalent plot depicting the variation in grain size with vertical position down the
centreline of the rolled wall samples is given in Figure 8(b). The grain size data for both rolling
loads shows an increase in average diameter at the top of each wall, which corresponds to the
re-establishment of a columnar f structure in the final layer to solidify (Figures 6e & f). Below
this transition region, rolling each layer refined the grain size to a relatively uniform minimum
level with the larger 75 kN rolling load, but when the 50 kN downforce was used there was far
more variability. A histogram of the grain sizes in the fully refined core region of this cross-
section is given in Figure 9. It should be noted that grain sizes below the reliable measurement
limit for the set up used have been excluded (25um) from the EBSD data. However, the average
grain sizes were found to be 130 pum and 94 um for the 50 kN and 75 kN rolling loads
respectively, which corresponds well with measurements made by the line intercept method on
optically acquired micrographs in a previous study [30]. In it is also evident from Figure 9 that

the B grain size distribution from the refined core regions of the rolled walls was more tightly
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distributed around the smaller mean value when the larger rolling load was used. For example,
with a 50 kN down force the largest grain measured 590 pm) was almost twice the size of the
that observed in the 75 kN sample (350 pm).

3.4 Effect of rolling on texture in the WAAM process

Strong crystallographic textures can cause anisotropy in a material’s mechanical properties and
this can be particularly pronounced in titanium alloys that have hcp crystal structures
[18,40,41]. In the un-deformed AM wall the reconstructed EBSD map in Figure 6(d) clearly
indicates the presence of a strong B-texture. However, textural changes can also arise from
deformation, or its influence on any recrystallization or phase transformation that may occur
during subsequent heat treatment [40,41]. It is thus important to compare the texture seen in a
un-deformed build with that found when a rolling step was utilised with the WAAM process to

refine their coarse primary B grain structures.

{0001} {1010} {1120}

o

(a)

x Random

(Y
W

x Random

Figure 10. Pole figures obtained from large area EBSD maps depicting o
textures measured from the centre of; (a) the un-rolled wall, (b) the wall
rolled with a 50 kN load, and (c) the wall rolled with a 75 kN load.
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Pole figures obtained from the large area EBSD maps depicting the a-textures and the
reconstructed parent [3-textures that existed prior to transformation, on cooling down below the
B-transus temperature, are provided in Figures 10 and 11. The EBSD maps were taken from the
centre, X-z, plane of each wall, and for the rolled walls therefore mainly represent orientations
from their more refined core region (Figure 7). The pole figures are orientated with the build
direction and compression axis (z) near to normal to the plane of projection and the torch travel
direction (x) is aligned vertically. Before presenting these results it should be noted that the
sampling statistics for the solidification texture in the un-deformed wall were poor, owing to the
large prior-p grain size (only 10 grains were covered in the map area), whereas the statistics for
the textures in the rolled samples were more representative because of their more refined grain

structure.

{100}

e
x Random

oy
w

x Random

Figure 11. Pole figures obtained from large area EBSD maps depicting the
parent phase [ textures reconstructed from the centre of; (a) the un-rolled
wall, (b) the wall rolled with a 50 kN load, and (c) the wall rolled with a 75
kN load.

Of the o textures, shown in Figure 10, the texture of the un-deformed as-deposited wall is
difficult to describe at first sight because of the poor B parent grain sampling statistics.

However, it becomes much clearer when § phase reconstruction is performed. From the 100 3
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phase pole figure in Figure 11a it can be seen that the o phase transformed from [ parent grains
that had a common <001> direction aligned close to the build direction. The corresponding a-
texture seen in Figure 10a is, therefore, an <001> 3 transformation texture that is poorly
defined, partly because of the poor statistics for the parent  grain orientations, but also because
it has become weakened by the twelve possible o variant orientations available through the

Burgers relationship [42—44].

In comparison to the strong texture seen in the control sample, much weaker o and  textures
were found in the rolled walls (Figures. 10 b & c; Figure 11 b & c), which had maximum
intensities of less than approximately 3 and 4 times random for the o and 3 phases, respectively.
In both of the rolled walls it was found that the strongest orientations present in their
reconstructed B pole figures were consistent with the textures containing residual weakened
cube components. As can be seen from Figure 11(b) and (¢) both the rolled wall’s 100 pole
figures have one <001> pole aligned close to the build direction, z, with the other related <001>
poles rotated by different amounts about z relative to the deposition direction (e.g. ~10 and 20°
in the 50 KN and 75 kN examples shown). These residual <001> fibre orientations were weaker
in the wall rolled with a greater down force; the maximum intensity dropping from 3.5 times
random for the 50kN rolling load to 2.8 for the 75kN load and this led to a corresponding drop
in the strength inherited in the a transformation textures, on applying rolling to each layer, from

2.7 to 2.2 times random.
4. Discussion

With titanium alloys, coarse-directional grain structures are of concern in the industrial
application of AM processes because of their potential to cause anisotropic properties in
aerospace components [13,16,23]. The above results show that the introduction of a rolling
deformation stage sequentially within the WAAM build cycle could be a useful technique for
refining such undesirable grain structures, as well as for reducing the intensity of the strong
textures normally seen in the as-deposited material. Interestingly, the strain required to achieve
a high level of B refinement has been found to be relatively low, which makes it practical to
apply such a technology when producing components with relatively simple geometries.
However, other methods for introducing plastic deformation in AM are also being investigated,

such as peening [28], which offers higher compatibility with more complex component designs.
4.1 Grain structure development in the conventional WAAM material

By reconstruction of the parent  phase that forms on solidification, it has been confirmed that
in the conventional WAAM process a very coarse primary columnar grain structure is
developed as material is built up, by sequentially adding many new layers. This columnar grain

structure has a strong preferential <001> 3 texture. It has been previously noted that the main
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reason such a coarse grain structure develops is because the high thermal gradient in the melt
pool and the alloy chemistry do not allow sufficient constitutional supercooling for nucleation to
be possible ahead of the solidification front [17]. Similar to welding, in AM when a layer is
added the temperature rapidly increases below the fusion boundary and the material high in the
heat affected zone will fully transform back to the 3 phase, whereupon grain coarsening will
occur where the peak temperature reached is significantly above the B transus [11] (Fig. 6d).
When solidification of the single B phase subsequently takes place at the rear of the moving
melt pool, because nucleation ahead of the growth front is not possible, the coarsened B-grains
at the fusion boundary then act as a substrate for epitaxial re-growth back into the liquid
following the maximum thermal gradient, which is normal to the solidification front. A

columnar structure is thus developed as grains grow following the rear melt pool surface [45].

This process repeats as more layers are added, with the retained 3 in the transformation
microstructure re-growing, each time when it is re-heated in each new cycle to re-create B grains
with the same orientation they had in the previous pass. When re-heated above the B transus, the
reformed B grains can also potentially coarsen each cycle, before providing the substrate for
epitaxial re-growth at each new fusion boundary. Hence, in AM without deformation the same
grain orientations re-grow over many layers as each new layer is added. As the B-grains
develop, grain growth thus occurs both in the solid state and during solidification where
orientations are progressively selected that have a preferred <001> crystallographic direction
parallel to the maximum thermal gradient at the solidification front [45], leading to the strong
<001> texture seen in the final wall [13-16] (Figs. 5d, 11a). One of the reasons a deformation
step is so effective in causing B grain refinement and a weaker texture in AM is thus because it
has the potential to disrupt the accumulative ‘ratcheting’ effect of this repeated cyclic behaviour

that is inherent in an additive ‘layer’ manufacturing process.
4.2 Grain refinement in the rolled WAAM deposits

In the samples studied, the rolling loads employed led to relatively modest average compressive
plastic strains of 8 and 19%. Nevertheless, when each deposited layer was sequentially rolled
during the AM process, the original coarse columnar grain structure was found to become
greatly refined, giving rise to an equiaxed B-grain structure with an average diameter of less
than 100 pm in the core of the wall produced with the 75 kN rolling load. Although the refined
B grain size increased towards the surface of the walls, this overall reduction in grain size still
compares very favourably to the centimetre-scale columnar grains seen in standard un-deformed
samples (Figure 2). In addition, both the parent  and o phase texture strengths was substantially

weakened in the rolled samples.

In the samples studied, the refined B grains were formed at temperatures well above the
transus temperature. This is obvious from comparison of Fig. 2 with the refined region in Fig.
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7b. In Fig. 2 the top white bands lies just below the B tranus temperature (as has been widely
acknowledged [6] and this is at a depth of over 8 mm’s below the top surface which is well
below the depth where B refinement occurs in Fig. 7b. In addition in a single phase material
refinement would not be expected through conventional recrystallization as the driving force is
usually insufficient at such low strain levels of below 20% [46]. It can therefore be concluded
that the grain refinement seen at these low applied strains is caused by the growth of new [3
orientations associated with the influence of deformation on the a— J phase transformation,
which occurs during re-heating above the 3 transus temperature, when the next layer is
deposited. This implies rolling creates new 3 orientations, other than those retained from the
parent B3 grains in the original transformation structure formed during cooling each solidified
layer. These orientations can then act as new nuclei that grow on re-heating each layer above the
B transus temperature when the next layer is added. This prevents the original B grains simply
re-growing the orientations of the substrate during epitaxial solidification of the next layer
deposited, which leads to the coarse columnar structures normally seen in undeformed WAAM

walls, by the ‘ratcheting process’ discussed above.

Because the strain applied to each deposited layer was relatively low, the origin of the new 3
orientations is most probably related to heterogeneities that develop within the deformation of
the fine Widmanstatten transformation microstructure found in AM titanium parts. One possible
mechanism, already discussed by the current authors in Ref [47], has been observed directly
using in-situ heating experiments and involves new J orientations originating from deformation
twinning of o laths within the deformed region below the top of a rolled wall. Further related
mechanisms, by which new 3 orientations can be generated by the application of relatively low
levels of plastic deformation in AM, also associated with deformation twinning, and from strain
concentration at colony boundaries, are still under investigation and will be the subject of a

future publication.

EBSD strain mapping has shown that the core wall region where f grain refinement was found
to be closely related to the local strain distribution generated in each rolling pass (Figure 5).
This is strongly influenced by the shape of the roller which was profiled to match the curvature
of the top layer bead profile. With a grooved roller, the top of the wall is highly constrained and
cannot spread sideways, which causes a ‘dead-zone’ near the roll surface and forces the plastic
deformation to be concentrated at a greater depth within the wall core. Although this strain
distribution was not pre-planned, it is beneficial when trying to combine deformation with AM
techniques like the WAAM process that features a large re-melt depth (~1.5 mm) as it means
that the majority of useful deformation is not lost by the deformed material being re-melted by
the subsequent pass. Other techniques, such as peening, tend to concentrate plastic deformation
closer to a surface [48] and would therefore be less suitable for refining the grain structure

unless they are combined with an AM technique that has a low re-melt depth [28].
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A negative effect of the grooved roller is that the strain introduced is lower near the wall faces,
which leads to a more refined core with coarser grains towards each wall edge. However, when
rolling was applied to every added layer (Figures. 7c & d) the width of the refined core region
was found to increase and the grain size in the less refined skin was still much smaller than in
the undeformed wall. The fact that rolling each layer was more effective than rolling a single
layer, is discussed further below and can be explained partly by the fact that repeatedly rolling
each layer does not allow a coarse [ structure to develop, prior to the application of an
individual rolling pass, and partly because deformation occurs to a sufficient depth that there is
some overlap with the previous layer, which will therefore be deformed and re-heated above the

B transus more than once when rolling is applied in every pass.
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Figure 12. Average grain size plotted against layer height for the two rolling
loads.

Apart from in the last added layer, which is not re-heated following deformation, it was found
that there was very little variation in grain size with build height for the wall deformed with a 75
kN rolling load every pass. However, more variation was observed in the 50 kN wall (Figure.
8b). The cause of this variation can be related to the lower depth of deformation and greater
inconsistency in the deposition conditions that led to more irregularity in the layer height with
this sample, as can be observed from the greater unevenness in the vertical spacing of the white
bands seen in the 50 kN wall as opposed to the 75 kN sample (Fig. 2). Furthermore, in Figure
12 it can be noted that there is a clear correlation between the white band layer-thickness and
the average refined grain size. It is apparent that a lower rolling load is likely to exaggerate such
variability, because there is a lower penetration depth of the plastic strain in each layer; i.e.

where there is a narrower, or wider, layer separation this will lead to a finer, or coarser, B grain
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size because of the greater variation in strain overlap between deformation passes with a lower

rolling load.
Texture development

The observation of a strong <100> [ fibre texture in the un-rolled walls has been discussed
above (84.1) and is consistent with studies performed with other AM techniques [11,14]. In the
100 pole figure in Figure 11(a) the main fibre axis can be seen to have an intensity of 15 times
random, although this value should be treated with cautions as, despite the large area mapped
(12 by 6 mm), the prior B grain size was so large that sufficient data could not be obtained to
develop a full texture description (Figures 10a and 11a). Owing to the poor sampling statistics,
an attempt has therefore not been made to evaluate the possibility of variant selection affecting
the a-texture. However, it is interesting that in a recent paper Sargent et al. [31] have claimed
that transformation strains can cause variant selection within similarly coarse grains found in Ti-
6Al-4V castings. Encouragingly, the application of a deformation step to each layer greatly
weakened the § parent textures, to 3.5 and 2.8 times random with the 50 kN and 75kN rolling
loads, respectively. On transformation this was further diluted leading to extremely weak o
textures being seen in the rolled samples of 2.7 and 2.2 times random. Although the maximum
intensities were greatly reduced, both of the rolled walls still retained a memory of the original 8
phase <001> fibre texture that tended to be present as a weaker rotated cube orientations.
Overall this suggests that the presence of these components is caused by insufficient sampling
statistics, which resulted in a tendency for orientations related to one dominant ‘harder’ parent 3
grain, that was more resistant to refinement, to be retained from the original <001> fibre within

each EBSD map area.

Finally, the synergistic advantages of applying a rolling step to each layer after it is deposited
are highlighted in Figure 13, which compares the grain size and texture strength down the centre
of the wall rolled with the higher load, from its top surface, with an enlarged EBSD map of the
same region. In the last layer to be added it can be seen that there is a rapid increase in the 8
grain size and texture strength towards the top surface of the deposit. It can be noted that this is
partly caused by  grain growth in the HAZ below the melt pool, and then is further enhanced
by <001> growth selection during the development of a columnar structure by directional
solidification. However, in this single layer the grain size reached and texture strength are
nowhere near as high as that developed in the undeformed wall, where the grain size and
intensity of the <001> fibre progressively increase through the ‘ratcheting’ of these two effects
during the addition of further layers as a wall is built. This is because when each layer is
sequentially rolled the development of a columnar grain structure and strong fibre texture is
disrupted after every layer is deposited, and does not have the same opportunity to develop

during multiple repeated cycles.
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Figure 13. Plot of B textural strength (given by the maximum intensity in the
100 pole figure) and grain size variation with height down the centre line, for
the wall rolled with a load of 75 kN applied to every added layer. Also
indicated in blue are the values for the corresponding region in the sample
produced with only one 75 kN rolling pass applied to the penultimate layer.
The magnified insert is of the  grain structure in top 9 layers of the wall.

Of additional significance to the synergistic benefit of rolling every layer is that each layer will

have a finer grain size and weaker texture before it is rolled than in an unrolled wall, where the

columnar structure is much more developed. The single data points shown in Figure 13, taken

from the rolled refined region of the sample where rolling was applied only to the penultimate

layer, of an otherwise undeformed wall (figure 7b), demonstrate that, in this case the level of

grain refinement in the deformed core region is similar, but the resultant texture is much

stronger (4.5 as opposed to 2.7 times random) than when the starting microstructure has been

previously refined; i.e. when a single rolling pass was applied to a coarse grained undeformed

columnar structure, following re-heating by adding the next layer, the grain size refinement was

approximately the same as when you start with a refined grain structure, but the reduction in

texture strength was still far less. This is because when you start with a stronger texture, that has

been able to develop over many layers of (3 grain growth in an unrolled wall, it will require a

larger rolling strain to reduce it to the same level.
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Therefore, the addition of a rolling pass to every layer leads to a weak texture in the wall by
both preventing the formation of a strongly textured columnar grain structure, which requires
many layers of undisturbed growth to develop, and by this, in turn, ensuring a far weaker texture
in the next layer before it is deformed. The combination of these two effects thus greatly
decreases the rolling strain required to reduce the texture strength in a WAAM component.

From the B pole figures in Figure 11, it is possible to convince oneself that as the rolling load is
increased, that a traditional bcc rolling texture is beginning to develop. This is ostensible from
the apparent development of symmetry around the deformation axes, especially in the {101}
and {111} pole figures of 75kN compared to 50kN in Figure 11 a & b respectively. As can be
seen in the ¢,=45° ODF slice in Figure 14a when compared to the schematic slice in Figure 14b,
there is little evidence of the a-fibre or y-fibre rolling components that are often observed when
rolling bcc metals such as steels [49]. The rotated cube component highlighted in the {100} pole
figure in Figure 11 is clearly shown in the ODF slice, as is a contribution from the {011}<011>
orientation, which may explain the perceived symmetry in the {101} pole figure. There is no
obvious explanation for the origin of this orientation, but it should be stressed that these textures

are extremely weak.
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Figure 14. ¢,=45° ODF slice of the refined prior B grains of the WAAM wall

deformed between every layer with a 75kN rolling load (a), accompanied by

a schematic slice indicating key orientations and deformation components for
bcc metals. (b) adapted from [49].

5. Conclusions

The efficacy of a deformation step, on refining the primary [ grain structure and texture
developed in a Ti-6Al-4V alloy, has been investigated during Wire Arc-Additive Manufacture
(WAAM). By reconstruction of the § parent phase, from o phase EBSD maps, it has been
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confirmed that in the conventional WAAM process the deposited material develops centimetre-
scale, coarse-columnar, § grains that grow through the build height with an associated strong
<001> B fibre texture. This coarse grain structure results from the retained B in the
transformation structure re-growing with the same orientations when heated above the B transus,
with the next new layer added. Once reformed, the  grains coarsen and act as a substrate for

epitaxial columnar growth during solidification of the new layer.

The application of a rolling step sequentially to each added layer was surprisingly effective, in
terms of the low level of strain required, to both refine the § grain size and weaken the primary
B and final a textures, which were reduced to close to random by the application of a only
modest 8-20% rolling reduction. However, the homogeneity of the refined p grains was found to
improve with increased levels of deformation. A profiled roller has also been shown to be
advantageous for increasing the depth of deformation in each layer - thus helping the deformed

region to survive re-melting in the next addition cycle.

It is postulated that the deformation step causes  grain refinement through promoting twinning,
which generates new [3 orientations that then grow during the o — B transformation as each

layer is re-heated by the subsequent deposition pass.

There are synergistic advantages of rolling each layer because this disrupts the establishment of
the coarse columnar grain structure that only normally develops over many undisturbed repeated
addition cycles. Rolling each layer also ensures that the B grain structure is refined and the
texture weaker in each new added layer, before it is deformed, and this decreases the

deformation required to obtained a weaker texture.
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4.3. In-situ High Temperature EBSD analysis of the effect of a
deformation Step on the Alpha to Beta Transition in Additive
Manufactured Ti-6Al-4V

In an attempt to understand the origin of the new prior 3 grain structures characterised in
Manuscripts 1 and 2, this manuscript details an in-situ heating experiment that was used to
observe a deformed region of a Ti-6Al-4V AM microstructure by EBSD as it is heated to
temperatures approaching the f transus. The heating experiment was carried out to observe
where in the microstructure the new [ orientations originated from, and if there was any

associated orientation relationship, in order to better understand the refinement mechanism.

This paper was submitted on 15™ May 2015 as conference proceedings for Titanium 2015, held
in San Diego, California over the dates 16™-20" of August 2015, where the work was presented
by the lead author. The paper underwent peer review and was published in a printed volume in
April 2016, and was made available online on the 8" May 2016.

The contributions of the named authors were as follows:

Jack Donoghue — Lead author, all metallographic preparation, and EBSD data analysis. SEM
analysis carried out in partnership with Ali Gholinia.
Ali Gholinia — Assistance with SEM Analysis.

Jodo Quinta da Fonseca & Philip Prangnell — Supervisors of Jack Donoghue.
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In-situ High Temperature EBSD Analysis of the Effect of a
Deformation Step on the Alpha to Beta Transition in Additive
Manufactured Ti-6Al-4V

Jack Donoghue; Ali Gholinia; Jodo Quinta da Fonseca; Philip Prangnell

Materials Science Centre, University of Manchester, Grosvenor St. Manchester M13 9PL, UK

Keywords: Additive Manufacture, Ti-6Al-4V, Alpha to Beta Phase Transformation, In-situ
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Abstract

Additive Manufacture (AM) of Ti-6AI-4V generally leads to an undesirable microstructure with
a non-random texture. The alpha texture is inherited from large columnar (3 grains that grow
across the deposited layers with a strong preferential <001> growth direction. It has been found
in AM that the application of a surprisingly small amount of plastic strain to each layer, by
methods such as in-process rolling, can disrupt the columnar growth and produce a more
randomly orientated, fine equiaxed B grain structure, and consequently a refined final
microstructure and far weaker alpha texture. The origin of this interesting effect was
investigated by direct in-situ observation of the formation of new P grain orientations, within the
retained deformed beta, and their growth on reheating near to the transus temperature, by EBSD
analysis. This analysis has shown that a colonies twin during deformation, which generates new

beta orientations during reheating.
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Introduction

The titanium alloy Ti-6Al-4V has long been favored by the aerospace industry, due to its high
specific strength and excellent fatigue resistance [1]. The high cost of this material, combined
with the inherent difficulty of machining, makes the fabrication of Ti-6Al-4V aerospace
components a natural match with the emerging technologies of Additive Manufacture (AM),
that are capable of producing near-net-shape parts [2-9]. However, it is widely acknowledged
that AM processes produce very different microstructures and textures to those that are
traditionally developed through thermo-mechanical processing (TMP) [10], and this can lead to

a different property balance in AM components that needs to be better understood.

In AM with Ti alloys large primary columnar f grain structures, with a strong <001> fibre
texture, are generally observed to form on solidification that extend over several layers of
deposition [2,3,5]. On cooling to room temperature, the primary bec  grains transform to a fine
hep o lamellar microstructure, the morphology of which is dependent on the cooling rate, with
residual f retained in thin layers between the o laths [10]. Due to hcp crystal structures being
inherently anisotropic [11], the mechanical properties of Ti-6Al-4V components are thus
strongly dependent on the a texture developed in this process [12]. In AM textural weakening
by the f — o phase transformation is significant, as the Burgers' orientation relationship
({110}B || {0002} 0, (111)B || (112 0)a, [13]) allows 12 possible variants to be formed from each
B grain and strong variant selection is not generally observed [9]. However, due to the strong
original B texture created on solidification, the inherited a texture can still be of sufficient

strength to affect property anisotropy in AM parts [8].

The formation of large prior  grains in AM with Ti-6Al-4V is caused partly by the
solidification conditions in the moving melt pool and partly by the metallurgy of the alloy itself.
In each pass the heat source re-melts a portion of the previously deposited material, as well as
reheating the substrate back above the P transus to a depth typically equivalent to that of 3-5
previously deposited layers [9]. In the o — P transformation of the underlying material, the
phase is thought to re-grow with the same orientation from the residual f retained within the
transformation microstructure, consuming the surrounding o, and reforming the original prior-§
grain structure. Solidification of the molten material then occurs homo-epitaxialy from the 3
grains at the fusion boundary, which grow following the receding melt pool surface. Nucleation
of new grains ahead of the solidification front is prevented by the limited constitutional
supercooling that is possible, due to the steep thermal gradients involved in the small melt pool
and the high partition coefficients of Al and V in Ti [14], leading to the development of coarse
column grain structures. In addition, because of the preferred <001> growth direction, the large

columnar grains that develop tend to establish a strong preferential § <001> growth direction
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perpendicular to the solidification front [2,3]. This undesirable coarse B grain structure has been
found to be difficult to avoid in AM by manipulation of the process parameters [6].

It has been recently found that the addition of a light deformation step in AM, when applied to
each deposited layer, can be surprisingly effective in refining the B grain structure. For example,
peening using an Ultrasonic Impact Treatment (UIT) in Laser Blown Powder AM has been
shown to lead to refined, equiaxed, prior-p grains with more randomized orientations (Fig. 1)
[7]. The addition of a rolling step to Wire Arc Additive Manufacture (WAAM) has also been
found to greatly reduce the prior B grain size and cause a large reduction in texture strength,
leading to improved mechanical isotropy [8,9] and this will be discussed in a future publication.
Here, the prime interest is in explaining the high level of refinement found when only relatively
small plastic strains are applied in the WAAM rolling process, which being of the order of 10%
are much lower than would be expected to cause conventional recrystallization in a Ti-6Al-4V
alloy [15].

Figure 1. B reconstructed EBSD orientation maps showing: a) typical B columnar microstructure achieved
by laser blown powder AM technique, b) the B grain refinement obtained with in-process ultrasonic

impact treatment applied every 5 layers, and c) treatment every layer [7].

It was therefore the purpose of this study to investigate the origin of the new, differently
orientated B grains that are generated by combining AM with relatively low strain deformation.
To achieve this aim, AM material that had been lightly rolled in the WAAM process was
studied in-situ, using a high temperature heating stage, while conducting Electron Back
Scattered Diffraction (EBSD) orientation mapping at temperatures approaching the alloy’s

transus.
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Experimental

AM Build

The rolled WAAM wall investigated was supplied by Cranfield University, Welding
Engineering and Laser Processing Centre, and was built using a pulsed GTAW welding system
with an average current of 110 A, using 1.2 mm diameter Ti-6Al-4V alloy wire as a feed stock
(Fig. 1). The deposition parameters employed are given in table 1 and full details of the WAAM
rolling process can be found in ref [4]. A 100 mm diameter roller with a 3.6 mm radius groove,
designed to match the curvature of the deposit bead, was run across the top of the wall after
deposition of every layer, once the temperature of the last layer had dropped below 300°C. The
compressive rolling load was applied directly downwards through the roller bearings to the top

of the wall with a constant downforce of 75kN, controlled using a load cell.

Roller fork
, Single axis manipulator
-
MIG torch
Wall +Roller
(\1
Hydraulic cylinder
T
Roller fork q;fLoad cell
N
z o= —-—
1.
Linear beanna Clamps
- -
] o)

Figure 2. Schematic diagram of the WAAM rolling and deposition equipment, adapted from [4].

Table 1. GTAW Deposition parameters used to build the WAAM wall investigated.

Deposition Parameter Value
Travel speed 270 mm/min
Average Arc Voltage 12V
Average Current 110 A

Wire feed speed 1.6 m/min
Frequency 10 Hz
Trailing shield gas flow rate 20 I/min
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Sample Location and Preparation

A suitable site to carry out the in-situ heating experiment was selected from a region close to the
rolled surface, on a cross-section of the built wall, and prepared using standard metallographic
techniques. Prior to heating, microstructural investigation of the chosen area was carried out by
high resolution EBSD mapping with a step size of 0.05 um, using an FEI Magellan 400L SEM,
fitted with an Oxford Instruments Nordlys EBSD detector. A second high resolution map of the
site chosen was also made after completion of the in-situ heating experiments.

In-situ Heating

EBSD Mapping at temperature was carried out within an FEI Nova 600 NanoLab SEM fitted
with an Oxford instruments EBSD detector and a Gattan Murano heating stage. The sample was
initially rapidly heated to 600°C at a rate of 60 °C/min, with pauses at 200°C and 400°C, to
correct for drift due to thermal expansion of the sample. Above 600°C the heating rate was
lowered to 10 °C/min to avoid overshooting the target temperatures. EBSD maps were made
every 50°C from 700°C, to a maximum temperature of 950°C. This maximum temperature was
limited by the capability of the heating stage and is slightly below the B transus. However,
calculations under equilibrium conditions by JMATPro [16] predicted transformation to ~ 80%
B at this temperature, which is adequate for the observation of the early nucleation and growth
of B grains. Parameters for the EBSD maps were chosen to keep the acquisition time to ~30
mins, which was a compromise between acquiring as high a resolution map as possible and
avoiding excessive isothermal evolution of the microstructure. The resolution of the maps was,
therefore, sacrificed with the step size falling from 0.3 um at 800°C to 0.5 wm at 950°C. It
should also be noted that with increasing temperature there was a decrease in the level of
indexing because of a reduction in signal to noise ratio in the EBSD patterns, due to detector
wash out by the infrared radiation emitted by the sample. After the completion of the final map,

the sample was allowed to cool quickly, dropping to under 500°C in 2 minutes.
S- Phase reconstruction

In order to characterize the prior f grain structure an automated reconstruction procedure was
applied (developed at The University of Sheffield and described elsewhere [17]) which
calculated the most probable parent § orientation for any o grain by utilising the Burgers

relationship and comparison of the misorientations between neighbouring a plate variants.

{110}, ]{0002},  (111)]|{1120),

Unless otherwise stated, The EBSD maps are plotted using IPF colouring with the reference
direction being chosen to best highlight the orientations observed, as for this study we were not

concerned with the orientations in relation to a specific reference frame.
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Results

Site Selection

The area of interest chosen for the in-situ heating investigation was selected for two reasons:
firstly, to include the presence of twinning, which was commonly noted in the deformation
structure within colony a regions, and secondly to encompass a prior § grain boundary. The
room temperature microstructure of the location chosen is shown in Fig. 3. Areas with
Widmanstétten a plates are clearly visible in the two prior-p grains on the left and right sides of
the region imaged, with a band of colony a down the centre. The colony a appears to have
grown mainly into the right  grain from a prior § grain boundary. At this high resolution it was
possible to index the fine residual B where it was thickest (e.g. at the triple points where the o
laths met) as shown in Fig. 4a. Analysis of the residual  detected shows there to be two distinct
orientations, confirming the colony has formed on a prior § boundary. The prior j grain
structure has also been revealed using B reconstruction software at a higher magnification in
Fig. 4b, which clearly shows the presence of two prior  grains and an un-reconstructed region
corresponding to a twin, which could not be reconstructed as it has altered the parent phase
habit relationship. Fig. 4 also provides {100} pole figures displaying good agreement between
the orientations measured from each grain by the small amount of residual B that could be

indexed and the data generated by the reconstruction software.

Figure 3. EBSD band contrast map of the chosen site for in-situ heating, with the twin boundaries
highlighted in red.
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The twin boundaries highlighted in Fig. 3, were found to be from a tensile {101 2} twin, a
common twin in Ti, that has been previolsy observed in deformed Ti-6Al-4V [18], it can be
seen that the twinning has occured sympathetically across several of the lath boundaries within
the colony a. It can also be inferrd from the ease of f reconstruction that the net strain in this

region of the sample was relatively low.

Residual 3 Orientations

Calculated B Orientations

Figure 4. Magnified region of the map in Fig. 3, showing: a) fine residual B indexed between the o laths
on either side of the colony (arrowed) and b) the reconstructed B parent grains with the boundaries of the
a lathes that formed from them. Also shown are {100} pole figures of the detected and reconstructed f3,

showing good agreement. Note: the only region that failed to reconstruct is that of the twinned a.
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Heating Experiments

During in-situ heating, and despite fastidious attempts to achieve a good vacuum within the
SEM chamber, a very thin film developed on the surface of the sample at 700°C, as can be seen
in Fig. 5. It is believed that this film developed via a reaction between outgassing from the
thermally conductive paste used to mount the sample (despite pre-baking at 200°C) and the
sample surface. The presence of this film hampered the ability to carry out EBSD analysis at
this temperature, but the enhanced contrast provided by this film on differing underlying
orientations allowed for high resolution imaging of the deformation twins, which can be seen to

pass though several laths in an o colony with SE imaging in Fig. 5.

Figure 5. High resolution SE image of a twin crossing laths within the colony o. Image taken at 700°C,

contrast given by differences in surface film thickness.

At 800°C the surface film could no longer be discerned and it was possible to again obtain
EBSD patterns of the underlying material with reasonable indexing. A concern is therefore that
some oxygen or nitrogen may have dissolved into the sample surface, affecting the 3
transformation temperature. However, the findings below are still self-consistent with the
orientations and twinning behaviour observed in the starting material. When compared to the
high resolution map taken at room temperature in Fig. 6a, up to 800°C (Fig. 6b) very little
microstructural evolution was observed to take place - that could be detected with the lower
EBSD resolution used with the heating stage.

It should be noted that with this lower resolution at this temperature none of the residual 8
could be indexed, although it was observed at room temperature using higher resolution EBSD

mapping (Figs. 4a, 6a).
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Figure 6. EBSD maps of the region studied by in-situ heating; a) room temperature (high resolution) b)
800°C, ¢) 850°C, d) 900°C, and €) 950°C (at lower resolution). The left and right maps show the a and 8

phases at each temperature, with the location of the prior B grain boundary (yellow dashed line) and a

twin boundaries (solid white lines) indicated on the  phase map.
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At 850°C (Fig. 6¢) the B phase started to grow and could be indexed in the right hand grain,
with exactly the same orientation as the fine residual B indexed at room temperature in the high
resolution data. At 900°C far greater growth of  had occurred in the right-hand original prior-
grain and at this temperature some 3 was also indexed in the left hand prior-p grain, again with
the same orientation of the original residual B detected at room temperature. At this stage, the
in-situ study therefore revealed only evidence of re-growth of the prior 3 grain structure from
the residual f that originally formed on solidification in the AM sample, reproducing the same

parent grain orientations.

In Fig. 6e, at the final temperature mapped of 950°C, which was the maximum that could be
reached with the current set-up, the phase transformation had progressed to the point where the
B phase made up ~35% of the indexed points. At this stage, on either side of the prior B grain
boundary, growth of the residual p had continued retaining its original orientation. However, a
third new orientation was now detected located within the region of the a twins. By isolating
this new [ orientation in the EBSD maps, it was found to be related to the twinned o by the

Burgers’ orientation relationship.

In Fig. 7 a high magnification, high resolution, EBSD map is shown from the original twinned o
colony region, after rapidly cooling down from the in-situ heating experiment. The proportion
of indexing was lower in this map (88.7%) compared to before the heating experiment (95.3%),
owing to the development of slight topography on the sample surface following the thermal
cycle. However, it is still possible to discern a number of interesting features. At room
temperature the microstructure has returned to an o transformation structure which greatly
resembles the original microstructure observed before the experiment (Fig. 6a). The re-

formation of a similar o transformation microstructure is not that

Figure 7. High resolution a and 3 EBSD map of a twinned region after the heating experiment, with
residual B of the new orientation indicated by *, and new o orientations, not observed before the heating

experiment indicated by 7.
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surprising, as at the highest temperature reached of 950°C (Fig. 6e) ~ 65% of the sample
indexed was still a, and the a lathes retained will act as growth sites for the transformation back
from  — a, reproducing much of the original microstructure. However, also shown in Fig. 7 is
residual B with the new orientation observed at high temperatures bordering the twinned o
region. Shown in Fig. 7 is the existence of new a orientations that were not identified prior to,
or during, the heating experiment. Analysis of these new a variants has revealed that they share
a Burgers’ orientation relationship with the new B orientation formed within the twined region
and, therefore, they nucleated and grew from this new p phase orientation during cooling after
the in-situ heating experiment. A final observation from Fig. 7 is that both the residual new 3
and new a variants are found located on the boundaries between the a laths within the twinned
colony, indicating these boundaries as the locations of the initial nucleation and/or growth of the

new [ orientation during heating.

Discussion

While the influence of surface effects cannot be ignored, this in-situ study has, for the first time,
directly observed the influence of light prior-plastic deformation on the oo — 3 phase
transformation, when starting with a fine lamellar microstructure. This has clearly shown that,
without deformation, the presence of residual f in the original transformation structure accounts
for the regrowth of § grains with the same orientation on re-heating above the B transus in an
AM thermal cycle, and this would thus re-create quite closely the original solidification grain
structure if further solid state grain growth does not occur in the process. In addition, a new 3
orientation has been observed to be formed within the prior B grains associated with twinning
induced by light deformation of the o phase. Deformation twinning is in itself not widely
reported in Ti-6Al-4V, although it has been noted recently to occur under certain deformation
conditions [18]. However, it is likely that the fine a structure (lath width ~ 1pum), produced in
AM materials owing to the high cooling rate, is more susceptible to deformation twinning
because of the higher flow stress in fine grained materials and the associated role this stress is
expected to play in twin nucleation [19]. In addition, the colony a structure, where twinning was
observed to occur, contained a single o variant. The near identical orientation of the o laths in
such a colony region would therefore encourage sympathetic twinning to take place across o
lath boundaries, as seen in Figs. 3 — 5. On re-heating it has been shown that within such twinned
regions the a transforms to B phase with a distinctly different orientation that is determined by
the Burgers’ orientation relationship to the twined o phase. The new [ orientation was found to
grow in several locations, but always originating from the colony boundaries within the twins,
and of a single consistent orientation. It is evident from Fig. 6 that this new orientation does not
grow until a higher temperature is reached than for the residual B which kept the same original
orientation as the parent B grain. This implies there may be a higher energy barrier involved,
which is consistent with the mechanism not being as simple as the re-growth of the pre-existing
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B, which does not require a nucleation stage. The observation of only one 3 variant nucleating
within the twinned regions could be attributed to the associated stress field of the twin-matrix
interface [20] and the influence of strain on variant selection in Ti-6Al-4V [21]. An alternate
origin for the new [} orientation is the possibility that deformation twinning across the a colony
would also locally deform the thin residual B layers between the lath boundaries leading to the
formation of the new B orientation. Unfortunately, the § layers between the laths in the twinned
colony a structure were too thin to resolve by EBSD. The exact nature of the local 8
deformation structure within the twinned region will therefore require further investigation by
TEM.

Irrespective of the exact mechanism, the observation of the growth of new B orientations on re-
hearting, due to twinning of the a phase caused by the application of a low applied strain in AM,
could in principle contribute to explaining the origin of the refined equiaxed prior-p grain
structure and o textural weakening seen when AM is combined with deformation techniques, as
described in [7] and [8]. However, there are additional questions that have been raised by this
study that will need further future investigation. For example, small grains with a new
orientation would have to compete with a matrix dominated by residual 3 of the original
orientation (Fig. 6e). Competitive growth of different 8 orientations during coarsening would
only occur when the microstructure had fully transformed to B and this unfortunately could not
be observed, due to the temperature range limitation of the heating stage in this experiment. It is
also likely that the radically higher heating rate seen in the AM process, compared to that used

in the in-situ experiment, may affect the result.

Secondly, in the sample studied, the only significant a colony regions were observed near the
prior B grain boundaries and it would thus be expected that if B grain refinement was only due to
the mechanism discussed above, then it would be expected that the new Borientations would
merely form near the original grain boundaries in the prior coarse-columnar  microstructure.
However, as shown in Fig. 1 [7], equiaxed B grains are found homogenously throughout the
wall, suggesting that other mechanisms of refinement of the normal coarse columnar 3 grain
structure need to be considered. For example, subsequent to this study it has been discovered
that the curved profile of the roller constrains the top wall bead immediately below the rolled
surface, so that greater plastic strain is experienced within the wall at a larger depth than in the
area investigated. Therefore, this greater strain may give rise to alternative mechanisms of 3

refinement that were not observed in this initial investigation.

Finally, one surprise was the lower than expected level of transformation observed in the
heating experiment. For example, it was predicted that for this alloy, at a temperature of 950°C
there should have been a transformation to ~80% B, by volume fraction, whereas only ~35% f

was indexed by EBSD. A possible cause for this disparity could be an error in the calibration of
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the thermocouple controlling the heating stage. But, the observation of the surface film at 700°C
(Fig. 5), suggests another possibility. It is likely that this film was formed by a reaction between
the titanium and gasses outgassed into the chamber, such as oxygen and nitrogen that formed a
thin layer of oxide/nitride on the sample surface. If this was the case, then the absence of the
film at 800°C implies it dissolved at higher temperatures by diffusion into the sample. As both
nitrogen and oxygen stabilise the a phase [11], this could lead to the reduced volume fraction of
[ observed. This behaviour would also potentially explain why in Fig. 6e, there is an
unexpected preferential transformation to 3 of the right hand compared to the left grain, which

could be related to preferential growth of the film on different a orientations, as shown in Fig. 5.

Summary

A lightly deformed section of an additively manufactured Ti-6Al-4V wall has been successfully
studied by EBSD in-situ in an SEM, during heating up to a temperature approaching the 8
transus of 950°C. This has allowed direct observation of the regrowth of the f§ phase in the

original AM deposit, on re-heating through the o— p transformation.

It has been found that, in the example studied, the majority of the B phase grew back with the
same orientation that it first formed with during solidification, from residual f in the
transformation structure, thus largely re-creating the prior B grain structure. However, the light
deformation experienced by the sample was observed to give rise to the formation of a specific

new [} orientation.

This new B orientation has been shown to originate from within twinned a colonies and suggests
one new possible mechanism for the § grain structure refinement observed in additive

manufacturing processes, when they are combined with an in-process deformation step.

As a colonies are confined to close to the prior B grain boundaries within a coarse-grained AM
microstructure, it is suggested that the observed phenomenon is not the only mechanism
responsible for producing the § grain refinement seen in AM when it is combined with a

deformation step.
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4.4. The Role of Twinning on the B-Grain Size Refinement in Ti-
6Al-4V Additive Manufacture Combined with Rolling Deformation

Following on from Manuscript 3, this manuscript attempts to more fully explain the
mechanism that causes the refinement of prior B grain structures observed in Ti-6Al-4V AM
microstructures when a deformation step is integrated into the processes, as observed in
Manuscripts 1 and 2. In order to better understand the refinement mechanism, the following
manuscript details two experiments; the first is a repeat of the in-situ heating experiment
detailed in Manuscript 3, but on a more heavily deformed region of the microstructure, and the
second is a simulation of a single deformation step followed by a deposition pass, as described
in 83.2, to relate the orientations of the refined [ to the coarse grained prior  microstructure
they formed from.

The discussion in this paper is partially focused around orientation rotations due to twinning
these rotations are shown schematically in figures 12 and 13 within the paper, however, a more
detailed account of the calculations involved can be found in the appendix of this thesis on page
192.

This paper is currently in draft form, and will be submitted to a suitable journal in the near

future.
The contributions of the named authors were as follows:

Jack Donoghue — Lead author, all metallographic preparation, mechanical testing, SEM
analysis and EBSD data analysis.
Jodo Quinta da Fonseca & Philip Prangnell — Supervisors of Jack Donoghue.
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Abstract

Additive Manufacture (AM) of Ti-6Al-4V generally leads to an undesirable microstructure with
a non-random texture. Large columnar [ grains grow across deposited layers with a preferential
<001> direction. It has been found that the application of surprisingly small amount of plastic
strain to each layer, by methods such as in-process rolling, can disrupt the columnar growth and
produce a fine equiaxed P grain structure that is more randomly orientated. The origin of this
interesting effect has been investigated by direct in-situ SEM observation combined with EBSD
analysis of the growth of new [§ grain orientations, from within the deformed AM
microstructure, on reheating near to the transus temperature. Thermo-mechanical simulation of
the combined AM and deformation process has also been employed in order to directly relate
the texture of the refined B grain structure back to the parent orientation present prior to
reheating above the B transus. Analysis of the new orientations formed has shown that they can
almost exclusively be related to deformation twinning of the thin residual B present at room

temperature, caused by the rolling process.
Keywords: Additive Manufacture; titanium; grain refinement; texture,

*Corresponding Author;
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1. Introduction

Additive Manufacture (AM) is increasingly being embraced by the aerospace industry due to its
potential for near-net shape fabrication of more geometrically optimised components, with a
reduced lead time over more established manufacturing techniques. The advantages of AM are
particularly significant when a titanium feedstock is used due to both the inherently high
material cost, and the difficulty and expense associated with machining components made from
traditional forgings [1]. Of all the titanium alloys, Ti-6Al-4V is the most studied in the context
of AM [1-12], as this alloy is used extensively in the aerospace industry due to its excellent

combination of specific mechanical properties, corrosion and fatigue resistance [1].

However, there are still some hurdles to be overcome before AM technologies can fully realise
their potential when producing Ti-6Al-4V components. A recent review by Carroll et al. [2] has
highlighted that mechanical anisotropy is observed in many Ti-6Al-4V builds across several
AM technologies. In particular a large anisotropy in ductility is reported, with greater elongation
to failure occurring in the build direction (the direction normal to the plane of each deposited
layer) accompanied by a tendency for a slightly lower tensile strength. Fatigue properties have
also been found to be anisotropic, with greater dynamic strength seen normal to the build
direction [3]. In both cases this anisotropy has been associated with the directionality of the
highly columnar prior j grain structure that is produced via a wide range of AM technologies,

including laser [4,5], electron [6,7], and arc [8] heat sources.

The formation of this coarse columnar B microstructure is practically inevitable in AM with Ti-
6Al-4V when the solidification conditions of the processes are combined with the metallurgical
behaviour of titanium. In all AM technigues the moving heat source not only melts the
feedstock to be consolidated, but also re-melts a significant amount of the previous layers. The
high temperatures reached also raise the material surrounding the melt pool to significantly
above the B transus, which for Ti-6Al-4V is ~1000°C. As the alloying elements in Ti-6Al-4V
have a partition coefficient close to one [13], the steep thermal gradients across the melt pool do
not allow sufficient constitutional supercooling to develop nucleation ahead of the solidification
front [14]. Therefore, solidification occurs by epitaxial regrowth of the retransformed p grains
that surround the melt pool at this temperature. As this process is repeated with every layer of
deposition, such grains typically grow through multiple added layers, and potentially the entire
height of a build. Due to the <100> direction being the preferential solidification direction for
bce metals [15], growth selection leads to a strong <100> texture in the direction of the
columnar growth [9,10,16]. In their review, Carroll et al. [2] have dismissed the idea that the

strong prior B texture can lead to the tensile property anisotropy observed in AM parts, as the
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texture is greatly weakened by each B grain transforming to a fine a lath structure when cooled
below the B transus with only a thin layer of residual  remaining (~5-10%) between the a laths.
The o — [ transformation weakens the texture as each a lath can in principle adopt any one of
the 12 distinct orientations dictated by the Burgers orientation relationship (BOR). Instead
Carroll et al. argue that the anisotropy is largely caused by the presence of large a colonies that
form at prior B grain boundaries that allow a preferential path for damage accumulation.

Refining the prior § grain structure can in principle minimize this effect.

(111)

(101)

2.0 mm

Figure 1. Orientation maps of the prior  grain microstructure of WAAM at
the top of a single pass wide wall over multiple added layers showing (a) the
highly textured, coarse columnar microstructure formed under standard
deposition, and (b), the refinement achieved when rolling has been applied
between every layer; adapted from [11].

A reduction in the B grain size, and therefore the limiting of o colony size, in Ti-6Al-4V can be
achieved by both alloy manipulation and by thermomechanical processing. Alloy additions that
have low solubility in titanium and partition ahead of the solidification front, such as boron,
have been added to titanium alloys and have been successful in reducing the prior f§ grain size
[17,18]. However, the TiB precipitates that form as a consequence of this alloying addition are
found to crack at relatively small strains [19] and could act as initiation sites for fatigue cracks
under cyclic loading. In contrast, traditional thermomechanical processing of Ti-6Al-4V
involves forging above the f transus in order to break up the coarse as-cast prior  structure by
dynamic recrystallization [20], and it is found that high monotonic strains in excess of ~0.5 are
required to break up the f microstructure if the deformation is carried out in the a-f phase field
[21]. Both processing approaches would be impractical to integrate with an AM technique.
However, it has recently been observed that a surprisingly high degree of B microstructural and
textural refinement can be achieved in an AM process by cold working to relatively moderate
strains of less than 0.1 [11,12]. For example in a Wire and Arc based AM technique (WAAM)

where a roller is lightly passed over the build between every deposition pass [11,12,22], the
140



J. Donoghue — PhD. Thesis

prior B grain size can be reduced from the order of mm’s to ~100 pm, as shown in Figure 1. In
addition, samples produced with this more refined prior p microstructure have more isotropic
tensile properties in both tensile strength and elongation [22].

Obtaining this high degree of refinement after such a modest cold working is surprising as the
mechanism does not appear to correspond with that typically observed with the
thermomechanical treatment of a-f titanium alloys [11,12]. It has been suggested by Martina et
al. that the refinement takes place due to a static recrystallization mechanism below the 3
transus, as evidenced by a direct measurement of the temperature at the point of refinement by
an inserting a thermocouple into the AM build process that suggested the point of refinement
took place at ~780°C [12]. However, subsequent research by Donoghue et al. has found that the
o variants within each refined prior f all share Burgers’ Orientation Relationship (BOR) with a
parent 3 grain and therefore must have formed upon cooling from above the [ transus [11]. It is
therefore likely that the formation of the refined prior  microstructure is related to the o to B
phase transformation. This research has also shown that the region where B refinement occurs
correlates more closely to the strain distribution imparted by the rolling pass than the
temperature field, with refinement only occurring in the region fully transformed to B by

exposure to the thermal field of the subsequent deposition pass.

(a) Room Temperature (b) 950°C

(0001) (001) (101)

Figure 2. EBSD maps of the deformed region studied by in-situ heating in
Ref [10]; (a) room temperature o map, and (b), a p phase map of the same
region at 950°C where significant phase transformation has taken place. The
location of the prior B grain boundary (yellow dashed line) and a twin
boundaries (solid white lines) are indicated on the  phase map.
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Recently, we studied the annealing of a deformed WAAM build heated to close to the P transus,
in-situ by EBSD [10]. The outcome of this experiment is summarised in Figure 2. As expected,
we found that the majority of the a laths returned to their original parent  orientation on
heating as the residual B trapped between the laths grew to consume them. In addition we saw
that a new beta orientation grew from a twinned o colony, giving a potential source for new 3
orientations observed in the refined microstructure. However, in this work it was not clear
whether these new [ orientations could lead to the level of refinement observed because o
colony twinning was rare, and it was therefore difficult to see how these new orientations could
compete with the majority of the matrix which re-grows from residual . Furthermore, it was
subsequently discovered that these results may not be representative since the region studied
was close to the rolled surface of the WAAM wall, where plastic deformation was constrained
by the contoured roller; the maximum strain actually occurred 2-3 mm from the top surface into
the build [11].

With AM being increasingly investigated as a processing route for Ti-6Al-4V, the unexpected
improvement to the microstructure and mechanical properties obtained by a light in-process
deformation step could lead to a whole family of new processes being developed. Thus, it is
important to understand the mechanism by which this refinement occurs so that it can be better
exploited. Furthermore, identification of a new approach to refine the prior p microstructure of
Ti-6Al-4V could have consequences beyond additive manufacture, for example, breaking down
the coarse prior f microstructure of castings. Therefore, to better understand the origin of the
refined P structure found in the WAAM process when combined with light rolling, we have
repeated the previous in-situ study using EBSD in the region of maximum strain. In parallel, we
have also simulated both the rolling step and the subsequent rapid thermal cycle re-heating
above the B transus experienced during the process, using a sample produced by WAAM

containing a few large prior B grains of known orientation.
2. Experimental

2.1 WAAM Samples

In the WAAM process, a pulsed GTAW welding system melts and ‘adds’ layers of material fed
into the arc heat source using a wire feeding system. The set up used has been described in
detail elsewhere [12,23]. For this study, walls were built with a 1.2 mm diameter Ti-6Al-4V
alloy welding wire, with an average welding current of 110 A, to give a single track wide wall
with a thickness of ~ 6 mm. The material was deposited onto a rolled Ti-6Al-4V baseplate with
an equiaxed bimodal a - f microstructure. Oxidation was prevented by the use of a trailing hood
that provided a high laminar flow of argon shielding gas. Two walls were investigated in this
study, one where no deformation was applied, and a second where deformation was applied

after every layer of deposition. In this second wall, each deposited layer was deformed by
142



J. Donoghue — PhD. Thesis

running a roller across the top of the walls using a rigid gantry system. The 100 mm roller had a
3.6 mm radius semi-circular groove to mirror the bead profile of the top of the wall, and a
controlled compressive load of 75 kN was applied after every layer of deposition, once the
temperature of the top layer had cooled naturally to room temperature.

The microstructure of the two walls and was found to be radically different, as characterised in
[11] and shown in Figure 1. The undeformed wall had a very coarse, columnar prior  structure
with a preferential <100> growth direction with the columnar grains extending over several
deposited layers, and potentially across the entire height of the build, whereas the wall with
deformation applied, had an equiaxed prior B grain structure, refined to ~ 90 um grain size, with
a much weaker texture. Despite the radically different prior B structures, the room temperature o
+ B transformation microstructure was very similar for both samples [12]. This was expected
because the cooling rate through the B transus is approximately the same in each case. Both
samples had a fine Widmanstétten transformation microstructure, with < 1 pm residual P layer
between the o laths and a tendency to form colonies of the same a variant at prior § boundaries,

as shown in Figure 3.

Figure 3. High magnification SE micrograph of the typical o +
microstructure found in WAAM Ti-6Al-4V builds showing an a colony on a
prior B grain boundary in the centre of the image, with a basket weave
Widmanstatten microstructure present further into the interior of the grain.
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The regions of interest selected within each of the WAAM walls are shown in Figure 4. The in-
situ EBSD experiment aimed to identify the possible origin of new B orientation within the
rolled WAAM microstructure and therefore the sample was taken from the most deformed
region [11]. This is ~ 2 mm from the rolled surface, along the centreline of the wall, as shown in
Figure 4a. For the simulation of the rolling and 3 reheating process steps, the ‘matchstick’
samples were EDM machined with the sample’s long direction approximately parallel to the
direction of columnar growth to maximise the volume included of individual columnar prior

grains within the sample, as shown in Figure 4b.

(a) (b)

Xi_wz.mn YLX 5.0 mm

Figure 4. Schematic diagram indicating the locations within the WAAM
walls from which the samples were taken; (a) indicates the region most
highly strained by the contoured roller (as found in [11]) used for the in-situ
EBSD heating experiment. (b) indicates the location in an undeformed wall
with respect to the columnar grain orientations that deformation and
reheating simulations were carried out on.

2.2 In-situ heating experiment

Following standard metallographic preparation, a sample of dimensions 2 x 2 x 1 mm was
attached to a Gatan Murano heating stage using a water based, thermally conductive, carbon
paste. The EBSD mapping at temperature was carried out within an FEI Nova 600 NanoLab
SEM, fitted with an Oxford instruments Nordlys EBSD detector with Aztec acquisition
software. Initially, the sample was rapidly heated to 550°C at a rate of 40 °C/min, with pauses at
200°C and 400°C, to correct for translation of the region of interest due to thermal expansion.

Above 550°C the heating rate was lowered to 10 °C/min to avoid overshooting the target
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temperatures. EBSD maps were attempted every 50°C from 700°C, up to a maximum
temperature of 950°C. This maximum temperature was limited by the capability of the heating
stage and is slightly below the f transus. Previous experiments found that at this temperature
transformation had proceeded to a ~35 % [ phase content, which is a sufficient volume fraction
to observe the early transformation to  and subsequent growth of  grains, but less than would
be predicted for this alloy at this temperature [152]. The partial suppression of the o — 8
transformation in the previous in-situ study was thought to be likely due to absorption into the
sample surface of remnant gases within the SEM chamber that stabilise the a phase [10]. The
parameters for the EBSD maps were chosen to keep the acquisition time to ~15 mins, a
compromise between EBSD map resolution and avoiding excessive isothermal evolution of the
microstructure. A step size of 0.15 um was therefore used, except for an initial high-resolution
map, using a step size of 0.05 pm, to map the residual B between the a laths at room
temperature. Once the final map had been acquired, the sample was allowed to cool quickly,

dropping to under 500°C in 2 minutes.
2.3 Process simulation

Rolling Simulation
Rolling along the length (x) of a thin tall wall produces mainly an increase in the width (y) with

negligible elongation along the length of the wall. Therefore deformation occurs in plane strain

and:
g, ~ -¢, and &~0

This is different from conventional rolling where there is elongation along the rolling direction

and negligible strain in the transverse direction.

In order to replicate plane strain conditions, a channel die compression rig was designed with a
5 mm channel, as shown in Figure 5a, to constrain a sample of dimensions 5 x 5 x 20 mm cut
from the undeformed wall as shown in Figure 4b. The sample was strained at room temperature
at a fixed cross head speed of 30 mm/s to a target reduction of 15% using a graphite based

lubricant.

Thermal Cycle Simulation
An Instron® ETMT8800 Electrothermal Mechanical Testing System (ETMT) was used to

replicate the temperature cycle experienced by the WAAM material as it is heated above the 3
transus temperature by the deposition of the next layer. The ETMT allows controlled resistive
heating in miniature samples where the temperature is measured with a type-R thermocouple
spot-welded to the sample, which also provides the feedback for the temperature control [24].
The ETMT sample was cut from the centre of the plane strain compressed sample by electrical

discharge machining (to minimise surface deformation and thermal input) down to a cross
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section of 1.9 x 1.9 mm. The gauge length between the water-cooled grips was held at 15 mm,
leaving 4 mm at each end of the sample to be gripped and ensure good electrical contact as
shown in Figure 5c. The heating rate used was based on previous work where thermocouples
were inserted into the melt pool during the WAAM process and it was found that the peak
temperature was reached within 2 s upon the subsequent pass of the deposition [12]. The peak
temperature at the centre of the sample was targeted to be 1100°C, to ensure that a significant
section of the 15 mm gauge length was taken above the 3 transus of ~1000°C, but low enough
to avoid rapid grain growth. Rapid cooling occurred by conduction to the water cooled grips,
with the temperature dropping below 1000°C after 1 s and below 500°C in a further 8 s. The test
was undertaken under load control in the ETMT, to allow free thermal expansion and
contraction of the sample without generating significant stresses and unwanted deformation.

Oxidation was prevented by maintaining a constant flow of argon shielding gas over the sample.

Z I «___ Thermocouple

Figure 5. Schematic diagrams of the two main steps used to simulate the
deformation and heating conditions in the WAAM process with the original
build direction (and therefore columnar structure) of the AM samples
indicated; (a) plane strain compression of the sample cut from the
undeformed WAAM wall, and (b) ETMT experimental setup.

Following metallographic preparation of the ETMT samples, orientation analysis was carried
out by EBSD mapping with a step size of 2 um using a CamScam Maxim FEG-SEM.
Orientation maps were collected with an Oxford instruments EBSD system, with Aztec
acquisition software. A large, 13.0 x 1.9 mm area map encompassing half of the heated region
of the ETMT sample was mapped, covering the region taken above the f transus as well as the

region held below the transus temperature by the ETMT grips.
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2.4 B phase reconstruction

Due to the low volume fraction of residual B at room temperature in Ti-6Al-4V (~ 5-9% [25]),
and the fact it is finely distributed between the a laths, it is difficult to directly map the p phase
within AM samples and then infer the high temperature 3 structure, especially when mapping
large areas. However, as there are only 12 possible o orientation variants that can be formed
from each B grain upon transformation, it is possible to calculate orientation of the parent 3
phase data using a procedure developed by Davies and Wynne [26,27], based on earlier work by
Humbert et al. [28,29]. This technique is explained fully in ref. [26] and involves comparing all
the possible § orientations for neighbouring a variants and assigning the most common solution,
allowing a prior  orientation map to be built up. During the reconstruction procedure, o points
determined to belong to the same o variant were defined as those within 2° misorientation of
each other, and only values diverging by less than 3° from the BOR are accepted for a variants

to be considered part of the same prior B grain.
3.0 Results

3.1 In-situ heating

Region Selection
The criteria for selecting a region of interest were the same used in the previous study [10]: to

cover a prior B grain boundary, so the transformation could be observed in more than one grain;
and to include the presence of a twinning deformation structures, as they have been found by
the previous study to be the source of new [ orientations during re-heating. The room
temperature microstructure of the location chosen is shown in Figure 6a. The microstructure at
room temperature largely consists of o plates that have formed in a colony microstructure on a
prior B grain boundary through the centre of the region, as well as a Widmanstétten
basketweave morphology further into each grain. At this higher resolution it was possible to
index the fine residual  phase where it was at its thickest (e.g. at the triple points where the o
laths meet). These measurements validated the B reconstruction procedure, giving identical
orientations (Figure 6b), and confirmed the colony structures had formed on a prior B boundary.
The black regions identifiable in Figure 6b are o orientations that have failed to reconstruct, due
to reorientation caused by o twinning induced by rolling. Through boundary misorientation
analysis, it was found that the twins were of the {1012} tensile mode, with a characteristic
misorientation of 85° around (1120} as highlighted in red in Figure 6¢. From Figure 6b and 6¢
it is evident that the deformation twins continue across the prior B grain boundary. This
occurred because although the two prior B grains are misorientated by ~40°, the two 3 grains
had a common a variant, which in turn was only misorientated by ~10° with respect to the
variants that make up the colonies either side of the prior B grain boundary. This misorientation

was thus low enough to allow the twin to propagate across the boundary. It should be noted that
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the slight variation of colour within the prior § grains of the IPF coloured B reconstructed maps
is a result of lattice rotation due to slip during rolling, which causes the orientation of the o

variants to locally deviate away from exactly fulfilling the BOR.

(0001)

(111)

(101)

20 um

Figure 6. High resolution orientation maps from the region chosen for the in-
situ heating experiment encompassing a prior  grain boundary. (a) measured
o + B orientations in IPF colouring, (b) a twin boundaries highlighted on a
band contrast map, and (c) a reconstructed § orientation map in IPF
colouring.
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Heating Experiment
Figure 7 shows the development of the selected region with temperature, observed by EBSD,

with maps from the a and § phases shown separately in order to better appreciate the
transformation process. Despite extensive efforts to achieve a high vacuum within the SEM
chamber a thin film formed on the surface of the samples at 700°C, preventing the indexing of
titanium EBSD patterns. The film remained on the sample surface until 800°C. When the
sample reached a temperature of 850°C the majority of the film had disappeared, allowing
EBSD analysis of the titanium to again take place (Figure 7b). However, a portion of this film
was still present, as can be seen in Figure 7b, where there are a large number of points that are
neither indexed as o or B phase. Despite this difficulty, the regions that did index well show a
high degree of agreement with the room temperature map, suggesting that the microstructure is
essentially stable up to this temperature.

When heated to 900°C and (Figure 7c) the entire area indexed well, with non-indexed points in
the a map corresponding to regions indexed in the § map, indicating the total loss of the surface
film that was previously affecting EBSD indexing. At this temperature, significant 3
transformation had taken place, with B growth occurring throughout the microstructure. As seen
previously, new [ orientations are observed growing from within the twinned o colonies, that
share the BOR with the twinned a. However, unlike in the previous study, where  growth
throughout the rest of the microstructure was limited to regrowth of the residual 3 orientations,
several new [3 orientations were observed growing throughout the prior B grains, away from the
twinned a colonies present at the grain boundaries. At least two additional B orientations other
than the residual parent 3 orientation are observed growing within each of the prior § grains in
the region studied. Further increasing the temperature to 950°C increased the amount of
transformed P (Figure 7d), up to 35% of the indexed points, without generating new

orientations.
3.2 Process Simulation

The dimensions of the WAAM sample before and after deformation to simulate the rolling in
the plane strain compression rig deformation are given in Table 1, as well as the resultant plastic
strains. There was little expansion in the constrained direction indicating that deformation was
close to the plane strain conditions experienced by the added layer when rolled. The plastic
strain of ~13% is similar to those reached during the in-process rolling, which ranged from of 8
- 19% [11]. The heating rate achieved by the ETMT closely matched that recorded during
processing, as can be seen in Figure 8. The peak temperature recorded at the centre of the

sample was 1080°C, and therefore comfortably above the B transus.
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o phase map B phase map

(0001) (001) (101)

Figure 7. IPF coloured EBSD maps of the region studied by in-situ heating;

a) room temperature (high resolution) b) 900°C, c¢) 925°C, and d) 950°C. The
left and right maps show the o and  phases at each temperature.
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Figure 8. ETMT heating profile compared to that measured in the WAAM
process in Ref[12].

A reconstructed B orientation map of half of the region studied is shown in Figure 9a. In the
upper section the map successful refinement of the coarse columnar B structure has taken place,
leading to an equiaxed [ structure of refined grains of ~ 50um. In contrast, in the lower section
of Figure 9a no P refinement has occurred. Since the plastic strain across the length of the
sample is constant, the lack of refinement implies that the maximum temperature in this region
remained below the P transus temperature due to the influence of the cooled grips.

Table 1. Dimensions and plastic strains of WAAM block before and after
plane strain compression.

Height (mm) Length (mm) Width (mm) €n €l Ew
Before 4.99 20.59 4.99 - - -
After 4.28 23.24 5.05 -0.142 0.129 0.012

The orientation map in Figure 9a is coloured using IPF colouring in the long direction of the
sample, which is nearly parallel to the original columnar growth (see Figure 4b). In the refined
region there is not only a significant reduction in B grain size, but also a wide range of new 3
orientations. However, within the IPF map it is possible to identify distinct regions within the
refined zone of preference for grains of similar alignment. For example, there is a region in the
upper right of the map where there is a prevalence of blue grains, which have a <111> direction
parallel to the z direction. The boundaries of these regions are highlighted in Figure 9b.From the

shape of these boundaries it is apparent that these regions probably correspond to different
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columnar 3 grains present prior to refinement. This theory is reinforced by the 001 pole figures
included in Figure 9b that correspond to these regions. The contoured pole figures from each
region in all cases consist of a four lobed spread of orientations symmetrically arranged around
(an absent) single cube orientation. As each region has a distinct, and related, texture, this
strongly suggests that the boundaries identified in Figure 9b correspond to the columnar prior

grain structure.

a
( ) Centreline of_
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Taken above the [3_<

Influenced by
L —
cooled grips

Figure 9. Reconstructed B orientation map of the deformed and reheated
simulation sample with (a) the relevant locations on the sample marked, and
(b) incorporating {100} pole figures of highlighted regions.

From Figure 10 it can also be appreciated in that there is an orientation relationship between
grains in the refined microstructure to the f they refined from. This can be seen where the
refined grains border the remainder of the coarse prior  grain they originated from, as the grain
was not entirely heated above the  transus. The 001 pole figures in Figure 10 show that there is
a clear relationship between the original 3 orientation and the resultant refined p texture, with
the four lobed texture of the refined grains aligning symmetrically about the {001} poles of the

prior  orientation.
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Figure 10. Magnified region of reconstructed § orientation map in Figure 9a,

across a single B parent grain that only the top half of has been heated above

the B transus and has transformed to the refined grain structure. {100} pole
figures of both the parent grain and the refined region are provided.

4.0 Discussion

Simulation of both the rolling step and rapidly heating above the [ transus has successfully
replicated the prior B refinement observed in the WAAM process [11,12]. During previous
WAAM trials, cold rolling strains of 8-19% led to an average refined prior B grain size of 90 -
140 pm, whereas in the simulated process an applied plastic strain of 13% produced a smaller
average [} grain size of 50 um. This disparity can be explained by the difference in peak
temperature reached during the simulation and in the process. In the simulated thermal cycle
this was 1080°C, just above the B transus, whereas in the WAAM process the majority of the
refined zone would have to be heated to a higher temperature and held above the f transus for

longer, which promotes grain coarsening.

A possible explanation for the origin of the new grain orientations observed in the rolled
samples and process simulation is given by the observation of the formation of new f
orientations in the in-situ heating experiment in Figure 7. Unlike in the previous study [10]
(summarised in Figure 2), that only found new P orientations developing from twinned o
colonies, here we observed new [ orientations growing throughout each original prior B grain

interior.

Analysis of the a —  grain boundaries between the new 3 orientations and the deformed alpha
finds that each new [} orientation shares the Burgers’ orientation relationship with one of the
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neighbouring deformed o grains. Therefore, it is conceivable that rather than the B growing from
residual B in the structure, new  orientations are transforming directly from the deformed o.
However, it is considerably more energetically favourable for a phase transformation to occur
growing from material already of the high temperature phase rather than spontaneous
transformation [14]. Therefore it would be expected that  would grow form the residual § in
the microstructure in preference to directly from the a, particularly so far below the transus
temperature. In addition, if each deformed a variant (12 in each prior B grain) had the capability
to transform to B according to the Burgers’ relationship (6 potential orientations), then it would
be expected that each prior 3 grain would transform to a maximum of 72 orientations (although
found to be slightly fewer due to crystallographic symmetry). This is a far greater number than
observed in the in-situ heating experiment (where only a few distinct new [ orientations were
observed), and would lead to a far greater textural randomness than observed in the process

simulated sample, where a reasonably strong, well defined texture was observed.

A further potential explanation for the origin of the new f orientations is indicated by
misorientation analysis of the B — [ grain boundaries in the sample heated to 950°C, where it is

found that the majority of the boundaries correspond to bcc deformation twins.
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Figure 11. EBSD band contrast map taken at 950°C. Highlighted in red and
blue are B-f grain boundaries corresponding to 60° around (111) and 51°
around (110} respectively.

Figure 11 shows the band contrast image corresponding to the 950°C high temperature EBSD
map in Figure 7d, on which specific  —  grain boundary misorientations have been
highlighted. By far the most prevalent misorientation between neighbouring B is 60° around
<111>, which corresponds to the bcc twinning system {112}<111>. Also present is a number of

misorientated boundaries of 51° around <100>, a misorientation that corresponds to the
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twinning system {332}<113>. Both of these twinning systems have been observed occurring in
metastable [ titanium alloys [30-32] but have not to the authors knowledge been observed in
the deformation of Ti-6Al-4V. Twinning is understood not to be favourable in the B phase in Ti-
6AIl-4V, as its composition does not favour the formation of ® phase that supposedly facilitates
twinning in metastable [ alloys [32]. However, it is possible that twinning of the  phase occurs
in AM builds is due to the fine microstructure generated as a result of the rapid cooling rates
involved in the process. For example, it has been found in other materials that below a certain
grain size the critical stress needed to activate deformation twinning drops dramatically [33-35].
This is believed to be due to the reduced probability of the presence of defects in a nanoscale-
volume of material to act as a dislocation sources in grain interiors. This makes deformation
dominated by dislocation emission from grain boundaries, where the emission of partial
dislocations for twinning have been found, to be easier than that of perfect dislocations [33].
This behaviour has most commonly been observed in fcc materials [33,35], although it has also
recently been confirmed to occur in bcc structures [34]. It has been found that the emission of
partial dislocations over perfect dislocations is preferred in nanowires of several bcc materials
due to the increased influence the surface has on the energy to form dislocations [36]. The
symmetrical positioning of the {001} poles of the refined grains from each of the prior coarse

columnar grains in Figure 9b is also indicative of twinning.
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Figure 12. Resultant {100} pole figures of the orientations present after
twinning a single orientation by the bcc twinning systems {112}<111> and
{332}<113>, assuming all twinning systems are activated.
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In order to see if the B twinning could have led to the new orientations of the refined B (Figure
9), we calculated the ideal orientations that are produced by different twinning operations from
a single B parent orientation. The resultant simulated orientations are shown in Figure 12 using
the parent orientation from the region highlighted in Figure 10. This specific orientation was
chosen as the resultant orientations of the refined grains from this parent orientation were also
known. From comparing Figure 10 and Figure 12, it is apparent that the twinning operation that
most closely resembles the refined grain structure, is achieved when the original parent
orientation is twinned by the {112}<111> system twice. This twinning operation results in 12
unique orientations that coincide closely with the positions observed in the pole figures in
Figure 9. These new calculated twinned orientations and their correspondence to the refined
region in the sample used to simulate the WAAM-rolling cycle are highlighted in Figure 13,
where the same colouring is used to denote the twinned variants in the calculated pole figure,
the measured pole figure from the reconstructed 3 grains, and the orientation map of the same
region. There is a significant spread in the orientations of each variant, but with an allowed
deviation of 7.5° from a central value, that 12 variants account for ~85% of the refined grains
(Figure 13b & c) with certain variants appearing more prevalently than others. However, it was
also found that although the simulated orientations agree well, that the majority of the measured
refined grains were systematically orientated slightly closer (by ~5°) to the original parent
orientation than predicted by the twinning reorientation alone. This difference can be seen by
comparison of Figure 13a & b.

Figure 13. (a) Calculated pole figure showing the 12 independent orientations
achieved by twinning the parent 3 orientation highlighted in Figure 10 by the
(111) twinning system twice. The twinning systems are coloured individually
and the colouring is continued into (b) and (c) where the non-contoured pole
figure and reconstructed B orientation map of the region are given
respectively.
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Both this systematic shift and orientation spread can be accounted for by slip occurring in the o
phase simultaneously to the  twinning during the room temperature deformation. The
orientation spread between individual refined p grains from the same twin variant can be
accounted for by the various constraining conditions on the residual  throughout the prior 8
grain due to the transformation microstructure. Prior to deformation all of the fine residual 8
between the a laths in a single prior B grain will be of the same initial orientation, however, the
transformation microstructure of an interwoven basket weave structure of 12 different o variants
ensures that the thin  is constrained in numerous different ways throughout the grain. The
assortment of o variants locally surrounding residual , combined with their orientation with
respect to the loading direction, will determine the activation of the slip systems within them,
and govern their shape change. Therefore, the rotation of the f away from a single orientation
for each variant can be accounted for by the rigid body rotation of the twinned inter-lath § by
the surrounding deforming a laths. This conjecture is supported by the observation of a similar
orientation spread in the o variants from a single prior B grain in the deformed microstructure (a
single a variant shown in Figure 14) as observed for a refined  variant (Figure 13b). The
perceived rotation towards the parent orientation may instead be a rotation towards the
deformation direction, as the cube orientation of the prior columnar 3 grains indicated in Figure
9 are found to be well aligned with the sample directions (that are in turn aligned with the

deformation directions).
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Figure 14. Hexagonal pole figures highlighting the orientation spread of an a
variant from a single columnar grain after deformation.

The differing constraints experienced by the B micro-twins can also help explain why all 12
twinned variants are present rather than the more limited number of systems that would be
predicted to be activated, by Schmidt factor analysis alone. Schmidt factor analysis would
essentially compare the direction of twinning shear for each twinning system and select the
system to be activated as the one that would best accommodate the stress relative to the
direction of applied force.Therefore, for a single grain orientation it would always be predicted
that the same twinning system would be activated for an applied stress (or two twinning systems

if the Schmid factors are close). However, Schmidt factor analysis does not take into account
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constraint of neighbouring grains that may be orientated in a hard direction, or are an
intrinsically harder phase, as a is in Ti-6Al-4V [37]. Therefore, it is feasible that within one
prior B grain, similarly orientated residual § have twinned by different twinning systems
dependent on local constraint. This may give rise to the observed microstructure where all 12

twin variants are present, albeit with differing prevalence.

Figure 13 indicates that 85% of the grains in the refined region can be directly related to
twinning of their parent § orientation. The 15% of grains unaccounted for by the B twinning,
described above appear black in the pole figure in Figure 13b, and their orientations appear to
be almost randomly distributed. However, the small number of these grains makes it difficult to
infer their origin. It is possible that these additional orientations could be the result of the second
twinning system observed in the in-situ heating experiment, or have originated by the
mechanism described in the previous heating experiment [ 10] with the new [3 orientations

originating from, and sharing the Burgers’ orientation relationship with, twinned o.

The one P orientation that is noticeably missing from the refined B microstructure is that of the
parent . It is known that in the deformed microstructure that there a considerable quantity of
untwinned residual B of the parent orientation present in the microstructure, as measured by
EBSD where it is thickest (eg. triple points at grain boundaries). It would therefore be expected
that upon reheating above the f transus that the parent f would compete with the twinned
orientations during transformation and growth, and be observed in the final refined
microstructure. This is indeed what we observed during the in-situ heating experiment in Figure
7d.

A further difference between the in-situ heating experiment and the process simulation is that
the double twinning of the {112}<111> system closely resembles the texture of the refined
grains in the process simulated sample, whereas in the in—situ experiment, only growth from a
single twinning of the residual § was observed. It is possible that these inconsistencies arise out
of differences in the deformation conditions as direct measurement of the local strain within the
rolled wall has not been made, only a global measurement of the entire wall. However, the
strain used of 13% fell well within the process range of 8-19% that have been shown to result in
similar refinement [11]. A larger difference between the two samples is the markedly different
heating rates used, with the simulated sample mirroring the process with a heating rate of ~500
K/s, while the in-situ heating experiment only achieved a maximum heating rate of 0.70 K/s
which fell away to less than 0.17 K/s at higher temperatures. These radically slower heating
rates, combined with the isothermal holds at temperature to allow completion of the EBSD
maps may have encouraged the growth, or survival, of 3 orientations that may otherwise have

been suppressed under the rapid heating conditions (and vice versa). In addition, in the in-situ
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study the volume fraction of  observed did not exceed 35% and therefore competitive growth

between orientations was not observed to occur.

It should also be noted that the in-situ experiment was carried out on a free surface. Not only
does the free surface result in different constraint on the grains from those in the bulk, it was
also affected by the formation of a thin surface film which we believe can be associated with an
increase in the 3 transus temperature. For example, at 950°C, only 35% of indexed points were
indexed as B phase, far below the level of transformation expected under equilibrium conditions
of ~80% [11]. This suppression of the transformation can be attributed to the absorption of a
stabilising oxygen or nitrogen into the sample surface at temperature, which is consistent with
the formation of a surface contamination layer observed up to a temperature of ~800°C. If this
layer disappeared at higher temperatures by adsorption into the surface, the increase in the
interstitial content of the alloy, could account for the suppressed phase transformation and might
also have affect other aspects of the transformation behaviour, such as the relative growth rates
of the twinned § orientations.

Both the in-situ heating experiment and the process simulation suggest that twinning of the fine
inter-lath residual B during cold working leads to the grain refinement observed in the AM
techniques combined with deformation. However, we have not been able to detect these twins in
the deformed microstructure at room temperature, only during in-situ heating. Since the
deformation twinning was limited to the thinnest  regions that cannot be indexed using EBSD,
it is possible that such nanometre sized twins have simply escaped detection due to the ultimate
resolution of the technique. Therefore, alternative characterisation techniques will be persued to
directly measure and confirm that these § deformation structures exist in the deformed WAAM

microstructure.

5.0 Conclusions

A high level of B grain refinement and textural weakening has been observed in wire based
additive manufacture when an integrated rolling step is introduced to the process. This occurs
for relatively low applied rolling reductions. To explain the origin of this effect we have
successfully replicated the refined microstructure by simulating the deformation and the
temperature profile of an added layer in an AM microstructure. A series of EBSD maps were
also taken in-situ at increasing temperatures approaching the f3 transus from the roll deformed
region of the WAAM wall in order to observe the growth of new B orientations, and their

relation to the deformed microstructure.

The process simulation resulted in a similar refined equiaxed prior f grain structure with an
average grain size of ~50um, and with a greatly weakened texture, although it was found that

the refined B grains bore an orientation relationship to the prior coarse B parent grain. The
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resultant refined microstructure texture could be related back to the original parent grain by
double twinning via the {112}<111> B twinning system. Twins of this type were also observed
in the rolled AM microstructure upon § growth when reheating close to the p transus in-situ by
EBSD mapping. Therefore, overall the results strongly suggest that deformation B twinning
gives rise to the new  orientations that act as nuclei for  regrowth, and hence grain refinement
when a new layer is added. It is proposed that the unexpected twinning of the 3 is due to the fine
microstructure generated in additive manufacture as a result of the rapid cooling rates involved,

which leads to a very thin residual B layer between o laths.

Traditionally deformation processing of Ti-6Al-4V is carried out at high temperatures due to the
high flow stresses and perceived large strains required to break up the large prior [ structure
formed on casting. The discovery of a new mechanism for § refinement requiring small strains
could have far reaching consequences. However, this mechanism is potentially only limited to
exploitation in small volume production of Ti-6Al-4V, as both the cooling rates required to
generate the fine microstructure, and the forces required to plastically deform the material at
room temperature would be prohibitively difficult to achieve in a large billet. Additive
Manufacture is particularly suited to taking advantage of this mechanism since although large
parts can still be built, the forces are kept low by only deforming small volumes at a time, and
the necessary rapid heating and cooling rates required to limit p grain growth and form a fine

transformation microstructure are inherent to the process.
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5. Corroborative Experiments

This chapter contains and discusses additional experiments designed to further substantiate
some of the results of the included in the paper manuscripts, and to validate some of the
experimental methods used. The first section reports on attempts to observe in the room
temperature deformed WAAM microstructure the  twins that were observed growing during
the oo — B phase transformation by the in-situ high temperature EBSD experiment in
Manuscript 4. The second section attempts to understand the disparity between the volume
transformed to 3 from that predicted by thermodynamic calculations, to that observed

experimentally in both of the in-situ experiments in in Manuscripts 3 and 4.

5.1. High Resolution Orientation Mapping

It was suggested in Manuscript 4 that the refined B grains observed in AM builds that were
combined with a deformation step could have originated from twins in the residual B. These
twins were only observed at high temperature, where phase transformation had increased the
volume fraction of B phase, and individual  grains had grown to a size that allowed
identification by EBSD. However, it was theorised that these B twins were formed under
deformation of the AM material at room temperature, where  twinning was encouraged due to
the fine constrained volumes of residual B between the a laths. The probed volume of a typical
SEM beam that leads to the diffraction patterns for EBSD analysis is generally larger than the
volume of B between trapped between a laths. All of the direct measurements of residual f by
EBSD in Manuscript 3 and Manuscript 4 were therefore made where the residual B was
thickest, i.e. at triple points where o laths meet. Therefore, in an attempt to identify § twins in
the room temperature deformed microstructure, two high resolution orientation mapping
techniques were used, Transmission Kikuchi Diffraction (TKD) and automated crystal

orientation mapping within the TEM.
5.1.1. Transmission Kikuchi Diffraction

A sample was taken from a WAAM wall where the final process step was a pass of the roller
with a 75kN load. The thin sample required for TKD was extracted and thinned by FIB (See
83.3.2) and was taken from the region identified in Manuscript 2 as the volume that had

undergone the highest plastic strain, as shown in Figure 5:1.
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Figure 5:1. Schematic of the cross-section of a rolled wall with the region
most highly strained highlighted and the location of sample prepared by FIB
for TKD.

The beam settings and experimental setup were those as described in §3.5.2. The resultant TKD
map is shown in Figure 5:2.

(1120) (0001)

(111)

(b)

N phase

E—
2.0 um

Figure 5:2. TKD map displayed in (a), IPF colouring with respect to the build
direction, and (b) coloured by phase.

Of the indexed points, only 0.50% were indexed as 3 phase. A B phase content of 0.50% is an
order of magnitude higher than the 0.08% indexed in the high resolution EBSD map presented

in Manuscript 3 achieved with the FEI Magellan in the bulk material, but is considerably lower
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than would be expected at this temperature (See §5.2). The orientation of the residual
throughout the map was found to be a single orientation and was consistent with that calculated
by the B reconstruction software from the indexed o variants, as shown in Figure 5:3. Therefore,
no evidence could be found of the  twins observed at temperature in Manuscript 4. However,
8% of the region investigated by TKD remained unindexed, and as can be seen from Figure 5:2,
the majority of these unindexed points exist at o grain boundaries that are likely tobe o — f — o
phase boundaries. These points remained unindexed due to multiple crystals interacting with the
electron beam at these phase boundaries, as a consequence of the size of the probed volume
relative to the very fine nature of the retained J3, resulting in composite overlapping and

indistinct Kikuchi patterns as each grain diffracts.

As it is believed that twinning of the [ is most likely to occur where the B is thinnest, the
inability to index orientations by TKD in these regions means that TKD analysis could not be
used to state categorically whether the twins exist in the deformed microstructure or not. The
non-indexing is due to the resolution limit of TKD. Therefore, the next step in searching for the
twins was to attempt an even higher spatial resolution orientation mapping technique using

automated orientation mapping in the TEM.

(a) y (b) Y

» s

Figure 5:3. {100} pole figures of: (a), the residual g indexed by TKD, and
(b), calculated by reconstruction from the o orientations indexed in the same
map.

5.1.2. Automated Crystal Orientation Mapping in the TEM

Automated orientation mapping in the TEM (henceforth referred to ASTAR after the
acquisition software) sacrifices angular resolution for a reduced probe size, and therefore
improved spatial resolution. However, as the features of interest are f twins with a large
misorientation (e.g. the observed bcc twinning system is associated with a 60° rotation of the
crystal lattice around the <111> axis relative to the parent), the reduction in angular resolution
compared to TKD is not critical. The automated orientation mapping equipment used in this
study was ASTAR as described in 83.5.2, where the microscope operating conditions are also
given. It has previously been found that the interaction volume using this technique falls from
~12 nm in TKD to ~3 nm for automated orientation mapping in the TEM [160].
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The sample investigated by TEM was the same sample as used in the TKD study in the previous
section, §5.1.1. The 0.72 x 3.80 pm region of interest was selected based on the TKD
orientation maps. The selected region is highlighted on the TKD maps in Figure 5:4 a &b, and
was chosen due to the number of fine o boundaries that it encompassed, as well as it including
an o twin (a twin boundaries highlighted in red in Figure 5:4b) that crosses an a colony
boundary. The nature of the deformation of the 3 between the o laths within a twinned a colony
was of interest due to the situation observed in the first in-situ heating experiment in

Manuscript 3, where a new P orientation was observed growing from a twinned a colony with

the Burgers’ orientation relationship maintained with the twinned a grain.

Figure 5:4. (a) reproduction of the orientation map acquired by TKD in
Figure 5:2a, highlighting the region mapped in the TEM. The region selected
is also highlighted in (b), a band contrast map of the TKD patterns with
misorientations of 85° around (1120) indicated in red. (c) the orientation
map acquired by ASTAR of the selected region in the same IPF colouring of
the TKD map.

There are several differences that can be noted when comparison is made between the two high
resolution orientation maps of the region by TKD and ASTAR in Figure 5:4a & c respectively.
The first thing of note in Figure 5:4 is the distortion in the shape of the grains in the ASTAR
map compared to those observed by TKD, due to drift of the sample relative to the beam, most
likely as a consequence of temperature changes during the long scan and sample movement due
to thermal expansion. Secondly, it is evident from the IPF colouring that there are several
additional orientations indexed in the ASTAR map. However, by eye it is apparent that some of

these orientations may be due to misindexing, due to their speckled appearance throughout
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grains of known orientation from the TKD data. Misindexing was confirmed by analysis of the
diffraction patterns in one of these regions as shown in figure Figure 5:5. Despite the similar
appearance of the diffraction patterns, one is indexed as the hexagonal crystal structure and the
other as cubic. The majority of points in this region are indexed as a hexagonal phase, and this
is assumed to be correct due to correspondence with the measurement by TKD. The
misindexing of the cubic phase in this case is possibly due a small difference in the tilt of the
crystal relative to the incident beam in different locations, leading to different spots diffracting
more strongly than others, as can be seen in the diffraction patterns of Figure 5:5b compared to
Figure 5:5c. Although these diffraction patterns are similar, the differing relative intensity of the
spots in Figure 5:5b leads the indexing software to incorrectly assign the 3 phase as the correct
solution. This error could be reduced with stronger diffraction patterns so more outer spots are
visible. Weak diffraction patterns can be caused by numerous factors, including the thickness of
the sample, imperfections in the crystal lattice, and the beam interacting with more than one

crystal system through the thickness.

Figure 5:5. A magnified region of the ASTAR map in Figure 5:4 c, with
locations of diffraction patterns that were indexed as cubic and hexagonal in
(b) and (c) respectively.

It is evident that the high resolution mapping using ASTAR in the TEM has been able to index
the residual B successfully where TKD was not able to. For example, in the thin layers of

between o laths of the same colony on the right hand side of Figure 5:4 c. The indexed  phase
(after discounting obvious misindexing highlighted in Figure 5:5) is shown without the o phase

in Figure 5:6.
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Figure 5:6. Orientation map of the p phase as indexed by ASTAR.

It is apparent that the majority of the indexed P is of a single orientation, and this orientation is
consistent as that measured by TKD and calculated by B reconstruction in Figure 5:3. Therefore
the majority of the p indexed is residual of the transformation from the B transus. However, a
small quantity of a second 3 orientation was found in the ASTAR mapping (coloured green in
Figure 5:3). Unfortunately, further analysis indicated similar misindexing to that shown in
Figure 5:5, though this time at a location between two a laths where one would expect to find B,

as shown in Figure 5:7.

Figure 5:7. A magnified region of the ASTAR map in Figure 5:4 c, with
locations of diffraction patterns that were indexed as cubic and hexagonal in
(b) and (c) respectively.

As with the case in Figure 5:5, this misindexing is likely due to a small lattice rotation leading
to different intensities in the diffraction pattern, causing the indexing software to mistakenly an
incorrect solution. However in this case the location is between two a laths, where one would

expect to find 3, the weak diffraction pattern could be due to the beam interacting with at least
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two crystal systems, and likely a second phase, as it passes through the sample as shown
schematically in Figure 5:8.

Incident Beam

Transmitted Beam

Diftracted Signal

Figure 5:8. Schematic diagram showing the interaction between an incident
e-beam and a two phase system.

Therefore as with the orientation map acquired by TKD, no twins of the residual  phase were
observed in the deformed WAAM structure.

Summary
Neither of the high resolution orientation mapping techniques were able to confirm that the 3

twinned structures observed growing with temperature in Manuscript 4 are present in the room
temperature deformed structure. However, as neither technique was able to resolve the p where
it was finest does not rule out that the (3 twinned structures do not exist, as it is in these regions
that the twins are believed to be most likely to exist. In both cases the study was also hampered
by the small volumes of material investigated, this was especially true in the case of the TEM
ASTAR map where only a few phase boundaries could be investigated within a reasonable time

frame.

One of the limits holding back the ability to resolve fine features with the ASTAR technique is
the thickness of the prepared samples leading to weaker diffraction patterns that are too easily
misindexed, and the potential issue of overlapping patterns at grain boundaries highlighted
schematically in Figure 5:8. However, preparation by FIB has been found to be problematic
with the sample deforming and eventually tearing if thinned too far. It is also possible that the

fine B twins may be prone to detwinning upon the constraint relaxation imparted from the
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creation of two free surfaces during preparation of the thin sample, especially as detwinning has

been observed readily occurring in the deformation of bcc nanowires[172] .

A further possibility exists that the twins do not exist in the room temperature deformed
microstructure and that the g twinned structures observed in the in-situ heating experiment have
formed as a result of the heating itself, perhaps due to annealing. Annealing twins are rarely
observed in bce materials due to their high stacking fault energy, but have been recently
observed in a p-stabilised titanium alloy [173]. However, as the B-stabilised titanium alloy was
severely cold deformed to 90% reduction and only observed a small fraction of annealing twins,
the two situations are not readily comparable.

5.2. In-situ Heating Validation

Both of the in-situ heating experiments presented in the Manuscripts 3 and 4 observed a lower
than expected volume transformation to B at temperatures approaching the B transus than
suggested by the literature [169]. The transus temperature for alloys classified as Ti6-Al-4V can
vary greatly as the composition window for each element in Ti6-Al-4V is quite large [142], and
there is a strong dependence on the concentration of o and 3 stabilising elements on the transus
temperature (82.3.2). Therefore, to better understand the observed phase change in the in-situ
experiments, it is necessary to know the B transus temperature of the material deposited by the
WAAM process. The B transus was investigated by three techniques: direct measurements by
both Differential Scanning Calorimetry (DSC) and resistivity measurements during heating, and

prediction by thermodynamic modelling of the alloy’s measured composition.
5.2.1. Direct S-transus observation

Differential Scanning Calorimetry
In an attempt to determine the f transus of the deposited WAAM material a Differential

Scanning Calorimetry (DSC) experiment was carried out, as described in 83.7.1, on identical
samples over three heating rates to account for kinematic effects and to minimise the effects of
thermal gradients within the sample. The DSC curves of the three heating rates are shown in

Figure 5:9.

171



J. Donoghue — PhD. Thesis

50
40 Heating Rate =
5°C/s / \
30 12°C/s /N
— 20°C/s // \\
E: 20
: yan
2 10
A ____d,//// \r__u_—____,ff”ﬂ
0 /\k
ey ‘\\\hh__\\\\
\_‘—_"_—_—'ﬁ——
-10
-20
600 700 800 900 1000
Temperature (°C)

1100

Figure 5:9.DSC curves of Ti-6Al-4V deposited by the WAAM process at

three different heating rates.

For each heating rate, the temperature at which the transformation was

determined by peak analysis carried out with tools included in the Netz

completed was
sch Proteus DSC

acquisition software. The temperature that the material became entirely p phase is plotted

against heating rate in Figure 5:10.
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Figure 5:10. B transus temperatures as determined by DSC for several heating
rates.
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For the heating rates tested from 5 °C/min to 20 °C/min it is found that the B transus varies from
978.5 °C to 984.5 °C. The delay in transformation with higher heating rates echoes what has
been seen by others, and is due to the slower heating rates leading to lower thermal gradients
within the sample, ensuring a more homogenous temperature and therefore crisper exothermic
transformation peak [168]. The effect of thermal gradients cannot be minimised further by the
use of slower heating rates, as a consequence of the signal to noise ratio also dropping with
decreased heating rates (this can be seen by the lack of peak definition at a heating rate of 5

°C/min in Figure 5:9). However, a crude extrapolation from the heating rates tested suggests a
B-transus temperature of ~977°C.

Change in resistance with heating
As described in §2.3.1, the difference in electrical conductivity of the two titanium phases

allows the phase transformation to be measured directly by measuring the change in electrical
conductivity of a sample during heating.

The resistivity was measured during an ETMT heating cycle as described in §3.2.2 on a sample
cut from an undeformed WAAM wall. The ETMT resistive heating experiment was carried out
under similar conditions as the experiment described in Manuscript 4 where the sample was
rapidly heated above the f transus in under 2 s.
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Figure 5:11. A plot of resistivity versus temperature of Ti-6Al-4V WAAM
material heated rapidly by resistive heating.
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The resistivity of the sample at each temperature tested is plotted in Figure 5:11. It is found that
initially the resistance of the sample steadily increases with increasing temperature due to the
greater lattice vibrations. As temperature is further increased, the resistivity change plateus and
then begins to drop, as a greater volume of the material transforms to the more electrically
conductive B phase. An abrupt change in behaviour is observed at 985°C, associated with the
completion of the phase transformation to {3, before the linear increase of resistivity with
temperature resumes as atomic vibrations again become the dominant factor in the resistivity of

the sample.

The measured B-transus temperature of 985°C shows good agreement with the DSC
measurements ranging from 978.5 °C to 984.5 °C. As described in the previous section, the
extrapolated B transus temperature of 977 °C from DSC gives a lower limit of the B-transus,
therefore the measurement by resistivity measurement is slightly higher than by DSC. A small
overestimate of the 3 transus is to be expected when determined by change in resistance with
this experimental set-up due to the slight temperature profile across the sample during heating.
The temperature is measured in the centre of the sample where it is hottest, whereas the
resistivity is calculated between two points either side of this (see Figure 3:7 in §3.2.2).
Therefore the inflection in the resistivity curve in Figure 5:11 signifying the completion of

phase transformation will be recorded at a slightly higher temperature than it is occurring.

Regardless of the exact value of the B-transus temperature, both the direct measurements
support the statement that for this Ti-6Al-4V alloy, the B-transus temperature is significantly
below the ~1000°C that is often quoted as the B-transus for all Ti-6-Al4V in the literature
[4,44,164]. Therefore the lower than expected transformation volume fraction the in-situ heating
experiments in Manuscripts 3 and 4) are not due to the WAAM material having a higher than

expected B-transus.
5.2.2. JMat ProPhase Alloy Simulation

JMat Pro was used to predict the equilibrium level of transformation based on the composition
of the alloy. Although the composition of the feedstock wire was stated by the manufacturer, it
was decided to analyse the composition of material directly from the WAAM wall, as it was
known that the argon shrouding was unlikely to be perfect and so it was expected that there
would be an increase in the oxygen content of the wall. The alloy composition was measured by
TIMET on material taken from a WAAM wall by the techniques listed in §3.7.2. The measured
constituents of the alloy are given in Table 5:1 alongside the specification for the wire feedstock

supplied by the feedstock manufacturer.
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Table 5:1. Chemical composition of the Ti-6Al-4V used in this study in wt%.

Heat Source Al \V Fe C (@] N

Wire specification 6.08 4.00 0.180 0.035 0.160 0.011

Wall measurement 6.24 3.96 0.053 - 0.055 0.013

The alloy composition in the WAAM wall was significantly different to that stated by the
feedstock manufacturer, with oxygen content found to be substantially lower. This variation is
most likely due to poor quality control of the feedstock rather than chemical variations
occurring as a result of processing. As explained above, during processing you would only
expect the oxygen content to increase due to the high affinity for oxygen titanium has at the
processing temperatures. In addition, if the aluminium content were to vary, it would be
expected to decrease rather than increase, as aluminium evaporates preferentially to titanium
from the melt [174]. However, confirmation of this would require further analysis of the
feedstock wire.

For the JMat Pro calculation, the measured composition of the WAAM wall was used to predict
the phase transformation behaviour, as this was representative of the material used in the in-situ
tests. However, no measurement was made of the carbon content of the WAAM wall, therefore
for the calculation, the content of the wire specification of 0.035 wt% was used as a guideline,
but a large variation was also calculated of £0.015 wt% to determine the limits of the effect the
carbon content has on the phase transformation. The predicted volume transformed to f with
temperature is shown in Figure 5:12, with the variation in carbon content indicated by the

dashed lines.

For the composition of the WAAM wall given in Table 5:1, it is predicted that the alloy under
equilibrium conditions has a  transus temperature range of 977 — 991 °C for a respective
carbon content of 0.2 — 0.6 wt%. The lower carbon content estimate transformation range agrees

well with the 977°C extrapolated from the DSC data to equilibrium conditions in Figure 5:10.
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Figure 5:12. Phase transformation to f as calculated by JMat Pro with the

dashed lines indicating the influence of £0.015 wt% carbon content.
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For comparative purposes the percentage of EBSD patterns indexed as [ at temperature in each

of the in-situ experiments carried out (including those in Manuscripts 3 and 4) and is plotted

alongside the transformation curve calculated above in Figure 5:13. From this plot it can be seen

that the transformation to B is delayed by ~50 °C in the in-situ heating experiments compared to

what is predicted.
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Figure 5:13.Transformation to 3 observed experimentally by in-situ EBSD
and as calculated by JMat Pro.
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It is expected that the  content would be underrepresented at low volume fractions due to the
previously mentioned difficulty of obtaining diffraction patterns from a fine phase, due to the
size of the volume probed by from the electron beam (see §3.5.2). It is also expected that the
transformation would take place at a slightly higher temperature than predicted by JMat Pro, as
JMat pro calculates the phase content under equilibrium conditions, i.e. as if diffusion had been
given an infinite amount of time to take place. However, the heating rates obtained in the SEM
at high temperatures were very slow at ~2 °C/min, and as shown by the DSC experiments in
Figure 5:10, this has very little effect on the transformation temperature. Therefore the ~50 °C
disagreement is either down to an issue with the temperature measurement by the thermocouple
(thought to be unlikely, as had been previously calibrated against the melting points of pure
metals), or a process occurring during heating in the SEM that supresses the  transformation,
such as the surface film observed in in Manuscripts 3 and 4 that prevented the indexing of
titanium up to ~850°C.

5.2.3. Surface Layer EBSD Analysis

In both of the in-situ EBSD heating experiments in in Manuscripts 3 and 4, a layer suspected
of being an oxide was observed to begin forming on the surface of the samples at ~400 °C. This
layer appeared to form with different thicknesses dependent on the o variant beneath allowing
for high contrast images to be taken in secondary electron mode at high temperature
(Manuscript 3, Figure 5.). The film also prevented the indexing of titanium diffraction patterns
until its disappearance at ~850 °C. However, as shown from the band contrast map in Figure
5:14, the diffraction patterns from the unindexed region were actually stronger than the
diffracting titanium metal beneath it. The patterns were saved to be analysed later to confirm

whether the thin film was indeed an oxide.

Figure 5:14. (a) A reproduction of Figure from Manuscript 4 of an EBSD
map taken at 850 °C, alongside a band contrast map of the same region in (b).
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An example diffraction pattern from the surface layer is given in Figure 5:15a. The diffraction
pattern of the surface layer was found to index well as the cubic titanium oxide TiO, as shown
in Figure 5:15b, the lattice parameters of which are given in Table 5:2. The most commonly
observed oxides growing on Ti-6Al-4V are TiO, in three different crystalline forms, two
tetragonal and one orthorhombic, as these are the most thermodynamically stable oxides in a
standard atmosphere [175]. However, the observation of TiO is not without precedent, Lu et al.
[176] studied the formation of oxides on pure titanium in near vacuum conditions by X-ray
photo-electron spectroscopy, and found that by 850 °C all other oxides had reduced to TiO.
Unfortunately, patterns were not saved at lower temperatures to confirm whether other oxides

formed initially in the in-situ experiments.

Figure 5:15. EBSD diffraction pattern measured at 800 °C from the surface
layer, and (b) the same pattern indexed as TiO.

Table 5:2. Crystal parameters of titanium oxide TiO.

Crystal Laue Space Unit Cell

Name —— —— Reference
system group group a=b=c a=p=y

TiO Cubic m3m Fm3m  4.2043 A 90° ICSD[56612]

The maps in Figure 5:16 are constructed from the same diffraction patterns as those that were
used to construct the maps in Manuscript 4 Figure 7, but have been reanalysed to take account
of the TiO phase. Comparison between the equivalent maps of Figure 5:14b and Figure 5:16b
show good agreement between the points indexed as TiO, and the regions of high band contrast
that remained unindexed.
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(a) 800°C

(b) 850°C

(c)-900°C

20 pm

Figure 5:16. Phase maps of in-situ EBSD experiment described in
Manuscript 4, re-indexed to include the TiO phase, and coloured to show the
phase of each indexed pattern.

It was found that from 800 °C to 850 °C that the number of points indexed as TiO decreased
dramatically. This mirrors what was observed by Lu et al. [176] where at 850 °C they found
very little of any oxide remaining, their belief being that the disappearance of the oxide was due
to decomposition of the oxide and either diffusion into the bulk titanium, or desorption from the
surface and being removed by the vacuum pump. Desorption may too have been occurring in
the in-situ experiment, but it is the diffusion of the oxygen into the bulk titanium sample that is
of interest due to the oxygen potentially stabilising the a phase and delaying the 3
transformation. There is evidence of diffusion from the oxide to the bulk occurring in Figure
5:16; the thickness of the oxide layer is inhomogeneous and appears to grow preferentially on

certain underlying o orientations, as evidenced by the prevalence of the oxide in the top right-
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hand section of Figure 5:16 a & b, it is also evident that in the higher temperature map of the
same region in Figure 5:16c, that the top right-hand section is the region that is least
transformed to B. Although there is only one small area mapped, with too few a orientations to
draw definitive conclusions, it seems likely that diffusion of oxygen into the sample at high
temperature has taken place.

5.2.4. In-situ Heating Experiment on an Undeformed WAAM Sample

In addition to the heating experiments covered in Manuscripts 3 and 4, a further in-situ heating
experiment was carried out on an undeformed WAAM wall. The purpose of this test was to
confirm that with no deformation within the microstructure that the original prior B structure is
regained upon heating though the B transus, thus reinforcing the understanding of how columnar
microstructures are formed within AM, and simultaneously corroborating the observations in

the previous experiments.

The methodology of the experimental set-up was the same as described in 83.5.3, but due to the
coarse grain structure of the undeformed WAAM microstructure, a larger area EBSD map was
required to ensure coverage of several prior 3 grains. To ensure that the mapping time was kept
below 20 minutes (similar to the other in-situ heating experiments) a larger step size of 2 pm
was used. Figure 5:17 repeats the depiction of the heating experiments in Manuscripts 3 and 4,
in that it shows two orientation maps for each temperature, one for each phase, with the indexed

points coloured in IPF colouring in the direction of columnar growth.

As with the previous heating experiments, it is observed in Figure 5:17 that with increasing
temperature there is increased transformation to  from a predominantly o microstructure.
However, unlike the previous in-situ heating experiments on deformed WAAM material, where
there were new [ orientations observed growing either from twinned o colonies (Manuscript 3)
or from twinned inter-lath residual B (Manuscript 4), all of the B observed at high temperature
in the undeformed material in this experiment is of the orientation expected to be grown from
the residual B of the prior high temperature grain structure from the previous p — a

transformation.
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B phase map

900°C

(d)
950°C

(e)
975°C

Figure 5:17. EBSD maps of the region studied by in-situ heating at
temperatures stated on the figure. The left and right maps show the o and 8
phases at each temperature in IPF colouring with respect to the build
direction.

The almost exact regeneration of the previous high temperature grain structure is confirmed by
the comparison of the high temperature B map at 975°C and a 8 reconstruction from the room
temperature o variants in Figure 5:18. The observation of the recreation of the prior f structure
helps confirms the ‘ratcheting’ process that is often used to describe the creation of the
columnar structure that is observed to exist in Ti-6Al-4V AM builds. As described in 82.5.1, the
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formation of the columnar microstructure is believed to occur because each additional pass of
the melt pool heats the surrounding material above the p transus. When cooling, the molten
material solidifies and grows epitaxially upon the underlying grains, since solidification ahead
of the solidification front is discouraged by the metallurgy of titanium (§2.4.3). Figure 5:18
confirms that in the absence of deformation, AM Ti-6Al-4V will return to its prior grain
structure and orientation under heating, therefore allowing for the directional continuation of

grains by the epitaxial solidification upon them.

(D)

0.5 mm

Figure 5:18. g orientation maps of the same region. (a) calculated from a
variants present at room temperature, and (b) f measured directly at 975° C.

After heating to 975°C the sample was rapidly cooled, dropping to under 500°C in 2 minutes,
and remapped when the sample was approximately at room temperature. A comparison of the
region before and after heating to the peak temperature is given in Figure 5:19. Despite being
heated to a temperature where only 14% of the structure was indexed as a phase, it can be seen
that room temperature a structures are accurately reproduced, with it possible to pick out many
lath structures that are present in both maps. Therefore, it appears logical that just as B grain
structures are reproduced when heating to the transus temperature by growing from the fine

residual B trapped between a laths; that residual o remnant at temperatures approaching the 3
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transus will preferentially regrow to consume the f, on cooling from the transus, rather than

nucleating new o grains, recreating the prior grain structure.

Figure 5:19. Room temperature EBSD maps of region before (a) and after (b)
taking to 975° C and into the B phase.

Far greater transformation is observed at each temperature than was observed in the previous in-
situ heating experiments as shown in Figure 5:20, where it is also shown that the phase
transformation observed is far closer to that predicted for the alloy by JMatPro in §5.2.2. This
sample does differ from the previous experiments in that it has not been rolled, however, this is
not believed to be the cause of the greater transformation. As previously stated in Manuscript
4, the previous in-situ experiments took place over a range of strains from the rolled profile,
none of which were particularly high, and all showed consistent heating behaviour. In the
previous experiments, the lower than expected phase transformation was put down to the
absorption of oxygen from a surface oxide layer at ~800°C that stabilised the o phase, and thus
lowered the transformed volume of a to 3 (as described in the previous section, 85.2.3). As the
surface oxide layer also prevented the indexing of titanium EBSD patterns, no EBSD maps were
attempted until 800°C in the in-situ heating experiment on the undeformed WAAM experiment.

At the first mapping temperature of 800°C no influence of the oxide layer on the EBSD patterns
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was observed, therefore it is possible that the oxide layer did not form in this experiment,
perhaps giving an explanation why the phase transformation to p was closer to what was
predicted by JMatPro, but it is not obvious why the oxide should not form in this case as the
experimental procedures in all experiments were very similar. Before the in-situ heating, all of
the mounted samples were baked at 180°C for in excess of 30 mins to allow volatiles to
evaporate from the sample prior to insertion into the microscope. For every heating experiment
the chamber was repeatedly backfilled with nitrogen gas in an attempt to eliminate contaminate
molecules from the air. In addition, in all tests the chamber pressure was closely monitored for
degassing at high temperature, with the chamber left to re-achieve a high vacuum if any increase

in pressure was registered.
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Figure 5:20. Reproduction of Figure 5:13 showing the transformation to 8
observed experimentally by in-situ EBSD and as calculated by JMat Pro
incorporating the in-situ heating experiment of an undeformed sample.

As previously stated, one difference between this heating experiment and those made previously
was that no attempts at EBSD mapping were made before 800°C. As the previous in-situ
heating experiments on the deformed samples involved an attempt at EBSD mapping at regular
intervals from room temperature to the peak temperatures, it is possible that the difference in
mapping routine could have led to the difference in volume transformation to  highlighted in
Figure 5:20. One outcome of the increased number of EBSD maps at lower temperatures is that
samples regularly held at temperature for mapping will undergo a slower overall heating rate
over this temperature range taking ~2 hrs to heat to 800°C opposed to ~30 mins with no
mapping. However, this difference in heating rates is unlikely to significantly affect the a—f
transformation, as little evolution of the microstructure was observed up to this temperature at

the mapping resolutions. The transformation is observed to commence above 800°C, where the
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heating rates for all experiments were similar. A further effect of not mapping at lower
temperatures is limiting of beam induced contamination of the region of interest of the sample
surface. Beam induced contamination occurs when the electron beam interacts with
hydrocarbon contamination on the surface of the sample, leading to a carbon rich deposit [177].
As can be seen in Figure 5:21, beam induced deposition was taking place as a result of the
EBSD mapping during experiments. As this deposit is believed to be carbon rich, it is unlikely
to be directly responsible for the formation of the oxide observed in §5.2.3, but it is possible that
it may influence its formation. In addition, carbon diffusion into the sample will raise the
transus as shown in Figure 5:12.

Figure 5:21. SE micrograph taken a 700°C during the heating experiment in
Manuscript 3, highlighting the beam induced contamination from EBSD

mapping
One final difference between the two sets of heating experiments that may explain the
discrepancy in transformation behaviour, highlighted in Figure 5:20, was the use of different
sample sizes in the two experiments. In the samples of deformed WAAM material where the
transformation to  was supressed compared to what was expected took place on a cuboid
sample measuring ~2mm x 2mm x 1mm, opposed to a cylindrical sample of the undeformed
material measuring 1mm x 4.5 @ mm. Therefore, the larger sample of the undeformed material
had a considerably larger surface area of ~40 mm? compared to ~16 mm? for the samples where
less transformation to B was observed. If it is assumed that the levels of contamination were
similar in all cases, then it can be expected that the oxide layer formed on a larger sample would
be thinner and therefore have less of an influence on the a—f transformation when adsorbed

into the sample surface at higher temperatures.
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6. Summary, Conclusions, and Further Work

This final chapter attempts to combine and summarise the findings of the four included
manuscripts along with the additional results provided in Chapter 5 of corroborative
experiments. The summary is followed by concluding remarks that state the outcomes of this
work in the context of how knowledge in this field has been expanded by the study taking place.
Finally, a brief discussion is given on the potential avenues that the research could continue
down to further the work started in this thesis.

6.1. Summary

Manuscripts 1 and 2 were both concerned with characterising the resultant microstructure and
texture of additive manufacture of Ti-6-Al-4V when incorporated with deformation processing
steps. Manuscript 1 investigated the effect Ultrasonic Impact Treatment (UIT), a form of
peening, had on a Laser Blown Powder (LBP) AM technique, and Manuscript 2 focused on the
effect of rolling on Wire-Arc Additive Manufacture WAAM. In both cases it was found that
rather than the strongly textured prior p columnar grains that are typically formed in Ti-6Al-4V
AM, refined equiaxed prior B grains with a more random texture are formed. These findings are

summarised in Figure 6:1.

(111)

LBP + Ulﬁasoﬂic
(LBP) Impact Treatment

(001) (101)

(b)

Wire-Arc Additive

Manufacture (WAAM)
Figure 6:1. The effect on the microstructure and texture of the two
investigated deformation processes on the two AM techniques. a and b are
adapted from figures in Manuscript 1, and Manuscript 2 respectively.
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It was demonstrated in Manuscript 2 that the region of refined grains corresponds well with the
strain distribution from the deformation step, and that the new grains are formed when the
deformed region is taken above the p-transus.

It was found that the combination of the depth of the deformation zone and the thermal profile
of the melt pool are the determining factors in dictating the region of refinement. With the
peening discussed in Manuscript 1 the deformation was concentrated at the surface, so the
majority of useful work put into the build was lost by re-melting upon the addition of the
subsequent layer. Fortunately, the re-melt depth of the LBP process was fairly small, so enough
of the sufficiently deformed material was not re-melted, and this led to the refined 3 grains seen
upon being reheated back above the  transus. As the depth of the zone of sufficient
deformation was not greater than an added layers thickness, it led to alternating bands of refined
grains and the columnar grain structure re-establishing itself in each layer as can be seen in
Figure 6:1a. The re-melt depth of the WAAM process discussed in Manuscript 2 was
significantly larger than the LBP. However, it was also found that, due to the constraint
imparted by the rolling conditions, that the deformation was focused to an even greater depth
than this. This higher depth of the deformation, being greater that the thickness of an added

layer, ensured that the entire build was refined.

In order to ascertain where in the microstructure the new 3 orientations were growing from
during transformation, and to understand their orientation relationship to the deformed
microstructure, samples of AM Ti-6Al-4V were analysed in-situ by EBSD at temperature. It has
been confirmed that in the absence of deformation that 8 grows from the residual  in the room
temperature microstructure to return the microstructure to its previous high temperature state
during the a— transformation (85.2.4). Manuscripts 3 and 4 discussed in-situ heating
experiments on deformed regions of the WAAM microstructure. Manuscript 3 focused on a
twins that had formed across a colony structures at a prior 3 boundaries, and found that at
temperatures approaching the p-transus that new f orientations form within the o colony that
share the Burgers’ orientation relationship with the twinned a. However, it was not apparent
how new grains of this origin could account for the level of refinement observed. The in-situ
heating experiment in Manuscript 4 focused on a more highly deformed region of the
microstructure and found that new P orientations were found to grow throughout the prior 3
grains. The majority of the new P orientations were found to relate to the residual by the

{112}<111> bcc twinning system.
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Prediction

950°C Measurement

] v ARSI
More Deformed WAAM Region

Figure 6:2. Direct measurements compared with predictions (from
reconstruction) of the high temperature B structure of three WAAM
microstructures with differing levels of plastic strain. a, b and ¢ are adapted
from figures in §85.2.4, Manuscript 3, and Manuscript 4 respectively.

In addition to the in-situ heating experiment, Manuscript 4 also simulated a single deformation
pass and layer addition process step and found that the new orientations formed could be traced
back to the same twinning system. Although twinning of the B phase has not previously been
reported in Ti-6Al-4V, it was proposed that the § twinning had occurred in this case due to the
very fine morphology of the residual g found in the AM builds facilitating the twinning.

Two high spatial resolution orientation mapping techniques were employed in an attempt to
confirm the presence of the B twins in the room temperature deformed microstructure in §5.1.1
and 85.1.2. Neither of the mapping techniques were able to confirm the presence of the p twins
at room temperature; however, neither technique was able to resolve the B where it was thinnest,

despite the high resolution nature of the techniques.
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6.2. Conclusions

e The direct observation of  re-growing from the residual p from the previous f—a
phase transformation when heating back above the [ transus supports the mechanism
proposed in the literature that leads to the coarse columnar prior-f grain structure with a
<100> preferential growth observed in Ti-6Al-4V AM builds.

¢ Refinement of the coarse prior- grain structure can be achieved with a surprisingly
modest plastic strain, and could therefore be potentially applied to a wide range of
deformation processing techniques. However, it has been found that the plastic strain
has to be over a certain threshold and that in AM the depth of the deformation must
therefore be greater than the re-melt depth to see any refinement. The depth of the
deformation should ideally be at least as great as an added layer’s thickness to see
refinement across the entire build.

e The texture of the refined grains is related to the texture of the grains they are refined
from. Therefore, to achieve as weak a texture as possible in the final build, it is
beneficial to overlap the refined zones with each pass and prevent the <100> growth
from re-establishing.

e The refined structure is generated by new  orientations out competing growth from the
residual 3 from the previous f—a phase transformation when heated back above the 8
transus. New [ orientations have been directly observed growing from twinned a
colonies in the deformed microstructure, as well as growing from between a laths with
orientations sharing B twinning relationships with the residual .

¢ Simulation of both the deformation step and thermal cycle of the Wire Arc Additive
Manufacture + Rolling successfully reproduced the refined prior-p grain structure
observed in process. Analysis of the refined grains from individual coarse prior-g grains
suggests that  twinning may be the mechanism by which the orientations of the refined

grains are formed.
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6.3. Further Work

This section includes both upcoming planned experiments and potential new avenues for the
research to be continued.

Synchrotron Experiment
It was suggested in Manuscript 4 that twins in the room temperature 3 phase grow to form the

refined grain structure found in the finished builds. The observation of the bcc twins was made
by EBSD at temperature. However, despite extensive efforts to observe the twins in the room
temperature structure in 85.1, no evidence of their existence was found. This could be due to the
resolution limits of the techniques used. Therefore a repeat of the simulation experiment in
Manuscript 4 is to take place at a Synchrotron X-Ray Diffraction Facility (SXRD) in February
2017 on the 112: Joint Engineering, Environmental, and Processing (JEEP) beamline of the

Diamond Light Source.

For the SXRD experiment, a piece of WAAM material will be deformed in plane strain
conditions beforehand, and then rapidly heated up in-line at the synchrotron using the Electro-
Thermal Mechanical Testing system (ETMT). As with the previous simulated sample, the
experiment will be focused on just a few of the large prior B grains, but in this case with
information on the grain structures being collected in-situ, in real-time via diffraction patterns.
The high intensity of the X-ray source should be able to overcome the suspected minimal
volume fraction of the B twins, to categorically confirm or disprove their existence. Regardless
of the detection of the § twins, the experiment should further understanding of the development
of the refined grain structure, and explain how the new grain orientations come to dominate the

structure at the expense of the parent 3 orientation.

Extension of Simulation Studies
The work within this thesis has demonstrated that the prior-p grain refinement observed in

additive manufacture of Ti-6Al-4V can be successfully replicated in laboratory conditions by
both simulation of the deformation pass and the thermal cycle of the subsequent deposition pass.
There therefore now exists the framework to carry out more systematic studies of both the

influence of both strain, and the thermal history on the refinement.

The success of the simulated sample also allows for the effect of other variables to be tested out
on the small scale without the expense and complication of building several walls by AM. For
example, the expected effect of the technique on different alloys can be more rapidly tested than

by finding the build parameters by trial and error.

Progression of WAAM technology
Cranfield University, the originators of the WAAM process, are looking to develop the

technology and commercialise it. Along with increasing the scope to more alloys as discussed
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above, Cranfield are in the process of developing a rolling system that rolls the sides of the AM
walls as shown in Figure 6:3 that they are calling ‘pinch rolling’ to cope with alternative build
geometries. Initial trials of the technique have been promising with regards to the reductions in
residual stresses, but the technique also shows promise for prior-p grain refinement as well. The
ability to alter both the width of the rollers in addition to the height at which the wall is rolled
means that greater control over the region of the wall that is deformed can be achieved. Greater
control of the deformed region could lead to better build efficiency that is when considered in
conjunction with the thermal influence of the subsequent deposition pass, as the deformation
need only be applied over the region that is known to be taken above the  transus, but not

A\

remelted.

Ny

Figure 6:3. Schematic of new WAAM side-rolling technique being developed
by Cranfield University [178].
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Appendix - Twinned 3 Orientation Calculation

In Manuscript 4 calculated pole figures were presented in figures 12 and 13 of the orientations
that twins could have when both the parent orientation and twinning systems were known. This

section gives a brief summary of how the orientations of the twins were calculated.

The orientation of any crystal in space can be expressed as a three dimensional rotation from a
standard reference frame. Therefore both a crystal orientation, and a reorientation due to
twinning, can be expressed as a rotation matrix. It then follows that the twinned volumes
orientation (O¢,,in) can then easily be calculated from the dot product of the orientation of the

parent (Opqrent), and the rotation due to twinning (Ry,), as demonstrated in Equation 5.

Otwin = Oparent * Rtwin
Equation 5

As in Manuscript 4 the twinning reorientation is being calculated from a measured orientation
by EBSD, it is necessary to consider the orientation notation used by the acquisition software.
Although orientations can be stored as rotation matrices, it is more common for EBSD software
to store the information in Euler angles as in this way the orientation is defined by three angles
rather than array of nine numbers and therefore takes less computer memory. Euler angles
define an orientation by three intrinsic rotations about the axes of a rotating coordinate system.
The most common set of rotations for EBSD data is the Bunge notation consisting of a rotation
of ¢, around the z axis, followed by a rotation of ® around the new x’ axis, before a final
rotation of ¢, around the resultant z*” axis [154]. Therefore the rotation matrix that defines the
orientation of a crystal, Op,rent, Can be calculated by the dot product of these three rotations,

and is given in Equation 6 .

Oparent
COS @1 COS @, — cos Psin @, sing, —cosPcosy,sing,; —cos@,sing, sindPsing,
= | cos @, singp; + cosPcos @, sing, cosPcos@,cos@, —sing,sinp, —cose;sind
sin ® sin @, CoS @, sin ® cos
Equation 6

Twins are often described by the crystallographic geometry they occur in. For example the
twinning system discussed in Manuscript 4, is labelled as {112}<111> where {112} is the
family of planes that the twinning occurs on, and <111> are the directions that the twinning
shear can be accommodated in. Twins can also be described by an angle axis pair that also
describes the misorientation, in this case 60° around the <111> axis. As the twinning in this case
is of a cubic P phase, the rotation matrix corresponding to a twin system, R,,,,, can be
calculated from the angle-axis pair that defines the twin system by the Rodriguez rotation

formula given in Equation 7, the full derivation of which is given in reference [179].
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cos 0 + wy%(1 — cos B) wpwi (1 —cosB) —w;sinf  wpw;(1 —cosh) + w; sinb

Riwin = | wpwp(1 —cos@) + w; sin 6 cos 6 + w,%(1 — cos 6) ww; (1 —cos ) — wy, sinf
W, (1 —cosB) —wysinf  w;w, (1 —cosB) + wysinb cos 8 + w,;2(1 — cos 9)
Equation 7

Where a rotation of angle 6 takes place around a crystallographic axis specified by the unit

vector & = (wp, Wy, w;).

In order to be plotted in pole figures and EBSD maps by Orientation analysis software, Bunge
notation Euler angles can be extracted from 0,,,:, by consideration of the components of the

matrix in Equation 5.
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