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Abstract 

High electrical efficiency, clean emissions, and the possibility to operate on a great variety of 
fuels, such as hydrogen, alcohols and hydrocarbons are some advantages of Solid Oxide Fuel 
Cell (SOFC) technology. Too short lifetimes and high production costs have, however, limited 
the commercialization of this technology. Volatilization of Cr(VI) species and the increased 
electrical resistance caused by a growing oxide scale are two major degradation mechanisms 
associated with the use of Cr2O3-forming ferritic stainless steels as interconnect material in a 
SOFC. In this thesis the possibility to mitigate Cr vaporization and improve oxidation resistance 
in a cost-effective way, by the application of thin-film metallic Co- and Ce/Co-coatings, was 
investigated. Uncoated and coated ferritic stainless steels were exposed for up to 3300 h at 650-
850 °C. Cr vaporization, oxide scale growth, microstructural and chemical evolution of the 
oxide scales, as well as the effect these factors have on the electrical resistance of the oxide 
scale were studied. Cr vaporization was measured using the denuder technique. Oxide scale 
growth kinetics were studied mainly gravimetrically and the electrical scale resistance was 
measured ex-situ in an ASR setup using platinum as the electrode material. For chemical, 
structural and microstructural analysis, SEM/EDX, XRD, BIB/FIB, TEM/EELS and SIMS 
techniques were utilized. In order to study the oxide scale growth mechanism a two-stage, 
18/16O-tracer exposure setup was used. Within the studied temperature interval it was shown that 
thin-film Co- and Ce/Co-coated ferritic stainless steels exhibit excellent properties as 
interconnect material in SOFCs. Cr vaporization can be mitigated with a Co-coating. The 
addition of a Ce-coating can improve the oxidation resistance, and thus decrease the electrical 
resistance of the oxide scale. The possibility to coat high volumes of steel using Physical 
Vapour Deposition (PVD) technology, and subsequently press the pre-coated steel into 
interconnects to allow for gas distribution, was also investigated. Cracks are formed within the 
coating as the coated steel is pressed into interconnects. The results in this study, however, show 
that these cracks are able to heal upon exposure at high temperatures. 

Keywords: SOFC, Interconnect, Coating, Corrosion, Reactive Element, Cr Vaporization, 18O-
Tracer exposure 
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1. Introduction 

1.1 Background 
The need to simultaneously meet the rapidly increasing demand for electricity, while reducing 
the emissions of greenhouse gases, is one of society’s greatest challenges. Not only must more 
electricity be generated, the electricity also needs to be available, and reliable, everywhere on 
the globe. According to the International Energy Agency (IEA), in 2016 an estimated 1.2 billion 
people (16% of the global population) did not have access to electricity, most of them living in 
rural areas [1]. Fuel cells have emerged as a promising technology for clean and decentralized 
electricity production. Fuel cells generate electricity by converting chemical energy stored in 
the fuel through a chemical reaction, which makes them silent (no moving parts), clean (by 
avoiding combustion NOx, SOx, and particulate matter emissions are not created), and scalable 
(from portable systems to multi-MW installations). Furthermore, very high (>60%) electrical 
efficiencies have been demonstrated, not only in the lab, but also in kW systems [2]. Several 
types of fuel cells exist, however, the most common, and most mature, type of fuel cell today 
is the Proton Exchange Membrane Fuel Cell (PEM-FC). The PEM-FC has the advantages of 
high power density in combination with a low operating temperature (~80 °C). The low 
operating temperature allows these fuel cells to start up quickly, and results in less wear on the 
system during thermal cycling. The main disadvantages with this technique, however, are that 
the PEM-FC is limited to H2 as a fuel, it is sensitive to contamination in the fuel (such as CO), 
and it requires expensive catalysts such as platinum [3]. In contrast to the PEM-FC, the Solid 
Oxide Fuel Cell (SOFC), which operates at high temperatures (> 600 °C), can utilize a large 
variety of fuels (H2, biogas, natural gas, and even complex hydrocarbons such as diesel) without 
the need for expensive catalyst materials [2, 4-6]. The heat can also be utilized in Combined 
Heat and Power units (CHPs), allowing the waste heat from the SOFC stack to be used for 
heating a building's hot water loop, or alternatively for operating a gas turbine, thereby 
increasing the overall efficiency of the system.  

A single cell consists of three components; an anode, a cathode and an electrolyte. To design a 
fuel cell system with a desired voltage, several cells must be connected in series to form a fuel 
cell stack. Each cell in the stack is separated and electrically connected by means of an 
interconnect. The interconnect material in a SOFC must fulfil several requirements, such as a 
Thermal Expansion Coefficient (TEC) similar to the other ceramic parts in the cell, be 
impermeable to gases, and possess a high thermal and electrical conductivity. The interconnect 
material must also be stable at high temperatures in both high and low pO2 environments (air 
on the cathode side and fuel on the anode side) [7, 8].  

Today, ferritic stainless steels that rely on the formation of a protective Cr2O3-scale are probably 
the most widely used type of interconnect material for planar SOFCs operating in temperature 
regimes between 600-850 °C. At such high temperatures two mechanisms that are associated 
to the interconnect material contribute to the rapid degradation of the fuel cell; increased 
electrical resistance due to a growing oxide scale [9] and poisoning of the cathode caused by 
volatilization of chromium (VI) species from the Cr-rich oxide scale at the interconnect surface 
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[10-13]. Custom-made, designed steels have been developed to improve the oxidation 
resistance, however, to mitigate Cr vaporization, these steels need to be coated. Furthermore, 
in order to avoid high electrical resistances caused by the coating, the coating material must 
possess high electrical conductivity at the desired operating temperature. Several types of 
coatings have been studied and proposed, but the most common type of coatings today are 
Manganese- (Mn) and Cobalt- (Co) based spinel (MCO) coatings. (Co,Mn)3O4-coatings have 
shown to mitigate Cr vaporization [14, 15], have a high electrical conductivity [16], and also 
have a matching TEC to the ferritic steel substrate [16, 17]. MCO-coatings can be applied using 
a variety of different techniques, such as wet powder spraying, dip-coating, screen printing, 
aerosol spray deposition, plasma spraying or with Physical Vapour Deposition (PVD) [15, 18-
24]. Another alternative method for MCO-coatings is to coat the steel with metallic Co. This 
can be done by electroplating [25] or by a physical vapour-deposition method [26-29] etc. The 
metallic Co-coating is rapidly oxidized in air at elevated temperatures, forming a top-layer of 
Co3O4. If the steel contains Mn, the Co3O4 top-layer can convert into a (Co,Mn)3O4 top-layer, 
due to outward diffusion of Mn from the steel [25-27]. Moreover, by the application of coatings 
the oxidation resistance can also be improved. Reactive elements, such as Ce, La, Zr, and Y, 
are known to improve the high temperature oxidation resistance of Cr2O3-forming alloys [30, 
31]. By adding reactive elements as a coating, the oxidation resistance of the steel can thus 
further be improved [25, 26, 32, 33]. 

Within the last decade custom-made designed alloys and the application of protective coatings 
have improved the performance of the SOFC, however, for SOFC technology to become 
commercially attractive the price per kWh has to be reduced. Material cost, power output and 
lifetime are considered to be important factors determining the price of this technology. It is 
therefore crucial to lower the production costs without reducing the efficiency and/or shorten the 
stack lifetime. The costs associated with the interconnect material can be significantly reduced by 
(1) using a more cost effective ferritic stainless steel and (2) by decreasing the total costs for coating 
the steel. Decreasing the operating temperature of the fuel cell would allow expensive specially 
designed steels to be substituted with cheaper steels that are produced in large volumes. 
Furthermore, today most coated interconnect materials are manufactured in two separate steps; 
(i) stamping the uncoated steel into the shape of the interconnect to allow for gas distribution, 
followed by (ii) coating the deformed steel plate in a second step. This two-step batch-coating 
concept is rather inefficient for mass production. By applying thin metallic coatings (e.g. thin 
Co-coatings), large volumes of steel can be pre-coated in a roll-to-roll process. The pre-coated 
steel coil can then be pressed into thousands of coated interconnects, which would allow for 
much more efficient large-scale production and lower overall cost.  
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1.2 Aim of this thesis 
The principal aim of this thesis was to study the two degradation mechanisms, oxide scale 
growth and chromium (VI) species vaporization, in a typical SOFC cathode atmosphere, using 
uncoated and coated ferritic stainless steels as the interconnect material in SOFCs. 

In order to make SOFCs commercially attractive it is crucial to lower production costs without 
reducing the performance of the SOFC stack. The work had a focus on improving the 
interconnect material (by the application of thin-film coatings) while at the same time reducing 
costs.  

Today several SOFC manufacturers are manufacturing SOFC systems that operate within the 
temperature range of 600-700 °C, which is substantially lower than the common 750-850 °C 
for planar SOFC. As a consequence, limited data is available in this temperature region 
regarding Cr vaporization, oxide scale growth, and the effect a change in oxide scale 
microstructure has on the electrical scale resistance. A substantial part of this thesis was 
therefore aimed at studying the effect lower temperature has on these parameters (Papers I, III, 
and IV). Cost can also be reduced by using more cost-efficient coating methods. In papers V 
and VI the effects of pre-coating large volumes of steel and subsequently pressing the steel into 
interconnects was investigated. This would allow for high volume production and thus also for 
lower total costs of coated interconnects.  

Furthermore, due to the very long expected lifetime of an SOFC (>40 000 h), accelerated tests 
must be developed to study the component materials. The method most frequently used to 
accelerate corrosion at elevated temperatures is to expose the material at a higher temperature 
than the normal operating temperature. For an accurate prediction detailed knowledge of the 
processes involved is necessary. Cr vaporization, oxide scale growth, electrical conductivity, 
microstructure and the chemical composition of the oxide scale are all differently affected by 
an increase in temperature. For this reason, the effect of temperature on all of these mechanisms 
was investigated in this thesis. 

Finally, to improve high temperature corrosion, reactive elements such as Ce, La, and Y etc. 
can be added to the alloy, or as a coating. In papers II, III, and VI a substantial improvement in 
oxidation resistance was observed by the application of reactive element (Cerium) coatings. 
18O-tracer exposure experiments have previously been used to study the beneficial effect 
reactive elements have on Al2O3- and Cr2O3-forming alloys. However, due to limited lateral 
resolution, rough surface topography and thickness variation of the oxide scale over the 
analysed volume, SIMS depth profiling results are not entirely unambiguous and sometimes 
contradictory results can be found in the literature. The aim of paper VII was therefore to 
develop a method that eliminated these obstacles associated with conventional SIMS sputter 
depth profiles.  
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2. Theory 

2.1 Fuel Cells 
Fuel cells are electrochemical devices that generate electricity (and heat) by converting 
chemical energy stored in the fuel into electricity through a chemical reaction without 
combustion. They offer several advantages over traditional combustion technologies, such as 
high electrical efficiency, low emissions, scalability and for some types of fuel cells also high 
fuel flexibility [2-4]. Each cell is composed of two electrodes (an anode and a cathode) 
separated by an electrolyte. Similar to batteries, the principle of a fuel cell is to force electrons 
through an external circuit by utilizing an electrolyte material that is permeable to ions but not 
to electrons. When the cathode and the anode are electrically connected via an external circuit 
ion diffusion through the electrolyte will take place, driven by a concentration gradient. To 
maintain charge balance electrons give rise to a current in the external circuit [34]. An important 
difference between fuel cells and batteries is that fuel cells can generate electricity as long as 
fuel is available, unlike batteries which need to be recharged as the battery is discharged. These 
properties have made fuel cells highly attractive for most electrical applications ranging from 
small portable devices to large MW power plants. Today several types of fuel cells exist. These 
are generally classified according to the electrolyte material, since the type of electrolyte 
material determines which type of ions can diffuse across the electrolyte. Figure 1 illustrates 
the working principle of the most common fuel cell types. 

 

 

Figure 1: Some common types of fuel cells, their mobile ions and working temperatures. The image is reproduced 
with permission from [35]. 

The Polymer Exchange Membrane Fuel Cell (PEM-FC) has become the most common type of 
fuel cell today. The PEM-FC has the advantage that it operates at low temperature (~80 °C). 
Due to the low operating temperature, PEM Fuel Cells can be started up very quickly, making 
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them suitable for mobile applications. However, since the electrolyte material is a proton 
conductor, only H2 can be used as a fuel. Furthermore, due to the low operating temperature, 
the PEM fuel cell is limited to expensive electrode materials such as platinum, which is sensitive 
to contamination in the fuel (such as CO) [3]. In contrast to the PEM-FC, the Solid Oxide Fuel 
Cell (SOFC), which operates at high temperatures (> 600 °C), can utilize a large variety of fuels 
(from H2 to complex hydrocarbons such as diesel) without the need for expensive catalysts [4, 
5]. 

2.2 Solid Oxide Fuel Cells (SOFCs) 
The Solid Oxide Fuel Cell (SOFC) is based on an oxide-ion-conducting ceramic material as the 
electrolyte. The working principle of an SOFC during operation, using H2 as the fuel, is 
illustrated in Figure 2. Oxidation of the fuel (half reaction 1) takes place on the anode side, 
where H2 is oxidized into H2O. Since the SOFC is based on an oxide-ion conducting electrolyte, 
carbon containing fuels can also be used as the fuel, and in that case the fuel is oxidized into 
both H2O and CO2. At the same time electrons are released and transferred through an external 
circuit to the cathode side where O2 is reduced to O2- (half reaction 2). The oxygen ions can 
then diffuse through the oxygen-ion-conducting electrolyte to the anode side, where half 
reaction (1) takes place again. The overall reaction, when hydrogen is used as the fuel, is shown 
in reaction (3) [34]. 

H2 + O2- → H2O + 2e-                     (1) 

½O2 + 2e- → O2-                      (2) 

½O2 + H2 → H2O                     (3) 

  

 

Figure 2: Schematic drawing illustrating the operational concept of a Solid Oxide Fuel Cell (SOFC). Drawn by 
the author. 
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The oxygen-ion-conducting electrolyte enables the use of several types of fuels, such as H2, 
NH3, ethanol, natural gas, biogas and diesel. Furthermore, due to the high resistance towards 
impurities in the fuel, feedstocks such as coal and biomass can be gasified and used as the fuel 
in the SOFC [6]. The possibility to utilize a broad variety of fuels has made the SOFC an 
attractive candidate for a wide range of applications, ranging from a few kW in auxiliary power 
units to on-site power generation for residential and commercial applications and large scale 
MW SOFC power plants. Furthermore, very high electrical efficiencies ( >60%) have been 
achieved for SOFC systems in the kW range [2]. Although the advantages of the SOFC are 
many, a few disadvantages, mainly associated with the high operating temperatures, such as 
chemical and mechanical degradation during long-term operation, too long start up times for 
mobile applications and mechanical failure during thermal cycling due to a mismatch in the 
thermal expansion coefficients between the different component materials in the fuel cell have 
limited its commercialization so far. 

In order to make SOFCs commercially attractive it is generally stated that a lifetime of at least 
40 000 h (~5 years) with a degradation rate of less than 0.5% per 1000 h must be guaranteed 
for stationary applications. Today several commercial systems can indeed guarantee such long 
lifetimes [36], however, expensive component materials are necessary, and as a consequence 
the cost for such a system is still very high. Furthermore, due to the great fuel flexibility of the 
SOFC, the SOFC is very attractive for mobile applications despite the issues mentioned above. 
However, shorter start up times and stable thermal cycling are two issues that need to be 
addressed before SOFCs can fully be an attractive power device for mobile applications.  

Decreasing the operating temperature, improving the component materials and finding more 
economic manufacturing processes are therefore some of the most important steps towards real 
commercialization of the SOFC, both for stationary and mobile applications. 

2.2.1 Electrolyte and electrode materials 
The electrolyte material in SOFCs is an ionic conductor with a high oxygen-ion-conductivity 
and very low electrical conductivity. Furthermore, the electrolyte material must be stable in 
both oxidizing and reducing atmospheres and be impermeable towards gases (fuel on the anode 
side and air on the cathode side) [6]. The most common material today is Yttria Stabilized 
Zirconia (YSZ) [37]. In less common cases zirconia is stabilized with the significantly more 
expensive element scandia (ScSZ). For SOFCs intended to operate at lower temperatures 
Gadolina Doped Ceria (CGO) has become a popular alternative, enabling operation below 700 
°C [5, 6]. At temperatures below 800 °C the ionic conductivity of doped Ceria is approximately 
one to two orders of magnitude greater than that of YSZ [38]. However, when Ceria-based 
oxides are subjected to reducing atmospheres Ce4+ can transform into Ce3+ leading to increased 
electronic conduction, and thus to higher leakage currents [39]. For this reason an electron 
blocking layer (such as YSZ) is frequently added between the doped Ceria electrolyte and the 
anode.  
 
In contrast to the electrolyte, the electrodes must be porous (and remain so during operation at 
high temperatures) to allow for gas flow and to maintain a large catalytic surface area. The 
anode must be a good electrical conductor and catalytically active towards oxidation of the fuel. 
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A cermet consisting of nickel and the electrolyte material is considered to be the state of the art 
anode material today [37]. The cathode material must be catalytically active towards oxygen 
reduction, possess high oxygen-ion-conduction and be a good electrical conductor. Perovskite 
oxides, such as Strontium Doped Lanthanum Magnetite (LSM) and Lathanum Strontium Cobalt 
Ferrite (LSCF), are, therefore, frequently used as cathode materials [37]. 
 

2.2.2 The interconnect 
The voltage from one single SOFC cell is only ~1 volt. To increase the total voltage of a fuel 
cell system several cells are connected in series, forming an array of single cells. Such an array 
of single cells is illustrated in Figure 3 and is called a stack. The interconnect (also frequently 
called a bipolar plate), is a current collector that separates the individual cells in a fuel cell stack. 
The main function of the interconnect is to electrically connect the anode to the cathode of the 
neighbouring cell and to separate the anode and cathode gases. This requires a gastight and 
electrically conductive material. The material must also be stable at high temperatures in both 
high and low,pO2 environments (air on the cathode side and fuel on the anode side), chemically 
compatible with the electrode materials, and the Thermal Expansion Coefficient (TEC) of the 
interconnect material should be similar to the other ceramic parts in the stack to avoid 
mechanical failure during start up and cooling down. Furthermore, the material should be easy 
to shape and, since cost is a major obstacle to the commercialization of SOFCs, it is important 
that the material is inexpensive to manufacture in large volumes [7, 13].  

Traditionally, ceramic materials such as doped-LaCrO3 have been used as the interconnect 
material. However, the development of new and thinner electrolyte and electrode materials has 
enabled a decrease in SOFC operating temperature to below 900 °C, and as a consequence, 
ceramic interconnects have been replaced with significantly cheaper metallic interconnects. A 
wide range of alloys have been studied as possible candidates for use as interconnect material 
in SOFCs [7, 17, 40, 41]. From all the studied alloys, ferritic stainless steels, with a chromium 
content of 18-25 %wt. Cr, have become a very popular (probably the most popular) choice of 
interconnect material in Solid Oxide Fuel Cells today (see Section 3 for more details regarding 
the steels used as interconnect material today). 

Although metallic interconnects have several advantages over ceramic ones, some challenges 
attributed to high temperature corrosion need to be improved to guarantee stable long-term 
performance. This is the topic of this thesis and will be discussed in more detail in the following 
sections.  
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Figure 3: Left: A schematic drawing of a planar SOFC stack consisting of three cells separated and electrically 
connected with interconnects (drawn by the author). Right: A commercial 3kW stack (E3000), manufactured by 
Elcogen OY, Finland, consisting of 119 cells separated and electrically connected with interconnects [42]. 
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2.3 Oxidation of metals 
With the exception of a few noble metals, all metals oxidize according to reaction (4) when 
they are exposed to an oxygen-containing atmosphere [43]: 

𝑥𝑥𝑥𝑥(𝑠𝑠)  +  𝑦𝑦
2
𝑂𝑂2(𝑔𝑔) ↔ 𝑀𝑀𝑥𝑥𝑂𝑂𝑦𝑦(𝑠𝑠)                    (4) 

For this reason the metal surface will immediately be covered by an oxide scale (metal oxide) 
that separates the metal from the oxygen-containing atmosphere (see Figure 5). For further 
oxidation of the metal to occur at least one of the reactants must penetrate the oxide scale [43].  

2.3.1 Thermodynamics 
Whether a metal will be oxidized or not at a certain temperature and in a certain environment 
can be predicted by thermodynamics. At constant temperature and pressure, Gibbs free energy 
can be utilized to measure the stability of a system according to equation (5) [44]: 

G = H – TS                     (5) 

Where G is the Gibbs free energy, H is the enthalpy, S the entropy and T the absolute 
temperature. The change in Gibbs free energy determines if any reaction is spontaneous (ΔG < 
0), in equilibrium (ΔG = 0) or non-spontaneous (ΔG > 0). Three phases are important to 
consider when a metal oxidizes; the metal, the metal oxide, and the gas phase. The following 
equation can be utilized to reveal if a metal will oxidize or not (6): 

∆𝐺𝐺 = ∆𝐺𝐺0 + 𝑅𝑅𝑅𝑅 ln𝐾𝐾𝑒𝑒𝑒𝑒 = ∆𝐺𝐺0 + 𝑅𝑅𝑅𝑅 ln  
𝑎𝑎(𝑀𝑀𝑥𝑥 𝑂𝑂𝑦𝑦)(𝑠𝑠) 

𝑎𝑎𝑀𝑀(𝑠𝑠)
𝑥𝑥 𝑎𝑎𝑂𝑂2(𝑔𝑔)

𝑦𝑦
2

                    (6) 

Where ΔG0 is the Gibbs free energy change at standard conditions, R is the gas constant and 
Keq is the equilibrium constant for the reaction, which can be described in terms of quota of the 
activities for the products and reactants. Since the activity for pure solids can be considered to 
be 1 and the activity of a gas can be expressed as its partial pressure (𝑝𝑝𝑂𝑂2), the change in Gibbs 
free energy at a certain temperature can be expressed as a function of oxygen partial pressure, 
according to equation (7): 

∆𝐺𝐺 = ∆𝐺𝐺0 + 𝑅𝑅𝑅𝑅 ln 1

𝑝𝑝𝑂𝑂2

𝑦𝑦
2 (𝑔𝑔)

                      (7) 

This means that temperature and oxygen partial pressure determine if a metal will oxidize or 
not and which type of oxide is the most stable [45]. The stability of a metal oxide at a certain 
temperature and oxygen partial pressure can be illustrated using an Ellingham/Richardson 
diagram (Figure 4) [46]. It should be pointed out that there is an oxygen activity gradient across 
the oxide scale, giving rise to the possibility of a multi-layered structure, as is the case when 
pure iron oxidizes [47, 48].  
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Figure 4: Ellingham/Richardson diagram for some metals and their metal oxides, reproduced with permission 
from [49].  

2.3.2 Formation and growth of oxide scales 
The formation and growth of an oxide scale can be separated into three steps, as illustrated in 
Figure 5 [43]. The first two steps are normally very rapid at high temperatures, and therefore 
step three is considered to be the rate determining step for continued scale growth. 

 

 

Figure 5: Schematic illustration of the formation (adsorption and oxide nucleation) and growth of an oxide scale, 
adapted from [43]. 
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In step one, oxygen or water vapour molecules from the atmosphere adsorb on the metal surface. 
This weak physical adsorption of oxygen is followed by a charge transfer forming O2- and Men+ 
giving rise to an ionic bond between the oxygen and the metal. In step two, oxide formation of 
the metal oxide nucleus takes place at the metal surface. The growth of metal oxide nuclei then 
proceeds until a continuous layer of oxide covers the entire surface. From this stage on further 
oxidation can only take place by means of solid state diffusion through the oxide scale (step 3) 
[43].  

 

Transient oxidation (the very beginning of the exposure): 
For alloys containing several metals, all of the metals present at the surface will initially be 
oxidized (if the metal oxide is thermodynamically stable), forming a thin oxide scale rich in all 
the elements present at the surface of the alloy. Due to the fact that different metals also show 
different growth rates, the one with the highest growth rate will overgrow the other(s) (assuming 
the concentration is high enough). However, if the metal in the slow-growing oxide (A) is less 
noble than the metal in the fast-growing oxide (B), (A) will reduce the fast growing metal oxide 
(BO) according to following reaction (8): 
 
A (in alloy) + BO → AO + B (in alloy)                    (8) 

This reaction will proceed until the less noble metal (A) has formed a continuous oxide layer 
(AO). From this moment on, the rate-limiting step for further oxidation is determined by solid 
state diffusion through the slow growing oxide (AO), consisting of the less noble metal (A) [45, 
48]. However, if the activity of the less noble metal (A) is too low no continuous oxide layer 
will form, and solid state diffusion through the fast growing oxide (BO) will be rate limiting 
[48]. 

Continued oxide scale growth: 
Whether an oxide scale is fast- or slow-growing, primarily depends on the concentration of 
defects within the oxide scale [48]. Due to the minimization of free energy caused by the 
introduction of a certain amount of disorder, all crystalline materials contain defects, at all 
temperatures [50]. At higher temperatures more disorder is introduced to the oxide, and more 
defects will be created where diffusion can take place. These rules are true for all materials; 
however, fast-growing oxides contain more defects than slow-growing oxides. It is common to 
classify different oxides according to the predominant type of point defects, such as a 
metal/oxygen vacancy or interstitial, or a substitutional impurity atom [43, 48]. The two most 
common slow-growing oxides, Al2O3 and Cr2O3, are classified as stoichiometric oxides. This 
is because the only stable oxidation state for both of them is III (e.g. Al3+ and Cr3+). As a 
consequence, the only significant types of defects are Schottky and Frenkel defects [43]. In 
comparison, iron (Fe) can be both Fe2+ and Fe3+. By reducing Fe3+ in Fe2O3 to Fe2+ oxygen 
vacancies must be introduced into the crystal lattice to maintain charge neutrality. Such oxides 
are often referred to as anion-deficit oxides. Nickel oxide (NiO) provides another example of 
increased lattice defect concentration when a metal is stable in two oxidation states. Nickel 
normally forms Ni2+ in NiO, but can also be oxidized to Ni3+. To maintain the charge balance 
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Ni2+ metal vacancies are created, and for this reason this type of oxide is referred to as a cation-
deficit oxide. The formation of defects, such as cation or anion vacancies, in non-stoichiometric 
oxides can explain why alloys forming an oxide scale that consists of Fe or Ni-oxide tend to 
oxidize faster than alloys forming an oxide scale that consists of a stoichiometric oxide such as 
Al2O3 or Cr2O3. Although the prevalent type of lattice defects within the oxide scale is important 
to consider, non-lattice defects, such as dislocations and grain boundaries, also have a large 
impact on the rate of oxide scale growth. The diffusivity in polycrystalline materials can be 
ordered according to (9) [51]: 
 
𝐷𝐷 ≪  𝐷𝐷𝑑𝑑 ≤ 𝐷𝐷𝑔𝑔𝑔𝑔  ≤ 𝐷𝐷𝑠𝑠                     (9) 

Where D is the lattice diffusivity, Dd is the dislocation diffusivity, Dgb is the grain-boundary 
diffusivity and Ds is the diffusivity at the surface. This means that the fastest diffusion path 
through a dense oxide scale is via grain-boundary diffusion. For this reason, grain-boundary 
diffusion is commonly referred to as a short-circuit diffusion [43, 48]. Although grain-boundary 
diffusion is significantly faster than lattice diffusion, the volume in which grain-boundary 
diffusion can take place is normally small compared to the volume where lattice diffusion can 
take place. Furthermore, as the oxide scale grows grain coarsening is commonly observed, 
which will lead to fewer short-circuit paths. For the purpose of simplification, a general rule of 
thumb is that grain-boundary diffusion is the dominant diffusion path at temperatures below 0.6 
of the melting temperature of the oxide [51], whereas at higher temperatures lattice diffusion is 
considered to be the dominant diffusion path. In this thesis Cr2O3-forming alloys were 
investigated at 650-850 °C. Cr2O3 has a melting temperature of 2265 °C in air according to 
Muan et al. [52], which means that grain boundary diffusion should be considered to be the 
main diffusion path according to this rule.  

2.3.3 Oxidation kinetics 
The growth of an oxide scale on a metal or alloy surface can be rather complex and is, in most 
cases, a mixture of several different mechanisms. Not only do ions diffuse within the lattice (as 
discussed above), but the flux of ions through a dense oxide scale is the sum of diffusion via 
the bulk, dislocations and grain boundaries. For this reason the combined oxidation process can 
be illustrated as a plot of oxide scale thickness against exposure time [43, 45, 48]. However, 
this has some practical limitations. A more common way to describe the oxidation process is 
instead to plot mass gain as a function of time, assuming that the gain in mass corresponds to 
the growth of an oxide scale [45]. Depending on the shape of such a mass gain plot, the growth 
of the oxide scale is commonly classified into linear, logarithmic or parabolic oxidation 
behaviour (Figure 6) [43, 45, 48].  
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Figure 6: Mass gain curves illustrating linear, parabolic and logarithmic mass gain behaviour. Drawn by the 
author. 

 
Linear rate law: 
If the mass gain as a function of time is linear (Figure 6), the mass gain can be described 
according to (10): 
 
Δm = klt                                        (10) 

Where Δm is the mass gain, kl is the linear rate constant and t is the exposure time. This 
behaviour is commonly observed under conditions where a surface or phase-boundary process 
is the rate-determining step [48]. In such a case, diffusion through the oxide scale is not the 
rate-limiting step, and therefore is commonly observed if the oxide is porous or very thin. Linear 
mass gain behaviour can also be observed if the thickness of the protective oxide scale is 
constant. 

Logarithmic rate law: 
If the mass gain as a function of time shows logarithmic behaviour (Figure 6), the mass gain is 
described according to the following equation (11): 
 
∆𝑚𝑚 =  𝑘𝑘𝑙𝑙𝑙𝑙𝑙𝑙 log(𝑡𝑡 + 𝑡𝑡0) + 𝐴𝐴                   (11) 

Where Δm is the mass gain, klog is the logarithmic rate constant, t is the exposure time, and A is 
the integration constant. This is generally only observed at low temperatures and on extremely 
thin oxide scales [43, 48]. In this case electrons can be transferred from the metal to the gas-
oxide surface by quantum mechanical tunnelling though the oxide scale. After a certain time 
period the oxide scale will become too thick for this mechanism to proceed. Due to the low 
temperatures, solid state diffusion will be too slow for continued growth, and the result will be 
that the rate drops to almost insignificant levels [48].  
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Parabolic rate law: 
Alloys designed for high temperature applications commonly show parabolic oxidation 
behaviour (Figure 6). If an alloy shows parabolic behaviour the mass gain is described 
according to the following equation (12): 
 
Δm2 = kpt + A                   (12) 

Where Δm is the mass gain, kp is the parabolic rate constant, t is the exposure time and A is the 
integration constant. Parabolic behaviour is observed when oxide scale growth is controlled by 
solid-state diffusion through the scale [43, 45, 48]. The thicker the oxide scale becomes, the 
slower the diffusion though the scale, which leads to parabolic behaviour, and thus to equation 
12. Parabolic behaviour is commonly associated with Carl Wagner’s model for parabolic 
growth from 1933, which is based on the following assumptions: a continuous, well-adherent 
and dense oxide scale is formed; the growth rate is determined by solid-state diffusion; local 
equilibria exist at the metal-oxide and at the oxide-gas interfaces; and oxygen solubility in the 
metal/alloy is negligible [43]. 

Breakaway corrosion: 
Breakaway or catastrophic corrosion is a term that refers to a certain mass gain behaviour, e.g. 
a parabolic mass gain behaviour that after a certain period of time is interrupted by a rapid 
increase in mass. Breakaway oxidation may result if the oxide grows parabolically to a critical 
thickness at which the cracking and the rupturing of the oxide reduce the thickness of the 
protective part [43]. Breakaway oxidation is also frequently observed when a protective oxide 
scale is transformed into a non-protective oxide scale by depletion of protective oxide-forming 
atoms, such as Cr in a chromia scale.   

2.4 Cr Vaporization 
For some oxides reaction between the oxide scale and the atmosphere can lead to the formation 
of volatile species, enabling the breakdown of the protective oxide scale [45, 53]. Chromium is 
such a metal. It forms volatile Cr(VI) species in an oxidizing atmosphere. In dry oxygen gaseous 
CrO3(g) will be formed according to reaction (13). At temperatures below 1000 °C the vapour 
pressure of CrO3(g) is rather low and the vaporization of the oxide scale will normally not be a 
critical issue [11]. However, if water vapour is present, as in air, volatile chromium 
oxyhydroxides can form. Several authors have shown that the most abundant volatile chromium 
oxyhydroxide species in air is CrO2(OH)2 [11, 54-56], which is formed according to reaction 
(14).  

𝐶𝐶𝐶𝐶2𝑂𝑂3(𝑠𝑠) +  1.5𝑂𝑂2(𝑔𝑔) → 2𝐶𝐶𝐶𝐶𝑂𝑂3(𝑔𝑔)                  (13) 

𝐶𝐶𝐶𝐶2𝑂𝑂3(𝑠𝑠) +  2𝐻𝐻2𝑂𝑂(𝑔𝑔) +  1.5𝑂𝑂2(𝑔𝑔) → 2𝐶𝐶𝐶𝐶𝑂𝑂2(𝑂𝑂𝑂𝑂)2(𝑔𝑔)                (14) 

Hilpert et al. [11] have shown that even if the water vapour content is as low as 2% in air, 
CrO2(OH)2(g) is still by far the most abundant Cr species at temperatures below 1000 °C 
(Figure 7). 
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Figure 7: Partial pressures of the most abundant Cr-containing species over Cr2O3(s) in humid air [p(O2) = 
2.13*104 Pa, p(H2O) = 2*103 Pa] at different temperatures. This image was reproduced by permission of The 
Electrochemical Society, and is taken from publication [11].  

Furthermore, the rate of Cr vaporization is dependent on the rate of gas flow. Figure 8 illustrates 
the effect of gas flow rate on Cr vaporization at 850 °C in air + 3% H2O from a 21%wt. Cr 
ferritic stainless steel (Sanergy HT). If the gas flow rate is low, volatilization is proportional to 
the rate of gas flow (equilibrium regime). At higher flow rates a plateau can be observed (~6000 
sml min-1). This region is referred to as the flow-rate-independent region. At this stage the rate 
of Cr vaporization is instead limited by the kinetics of forming CrO2(OH)2(g). 
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Figure 8: Rate of Cr vaporization as a function of gas flow rate at 850 °C in air + 3% H2O on a 21% Cr steel 
(Sanergy HT). This image was reproduced by permission of The Electrochemical Society, and is taken from 
publication [57]. 

Paralinear oxidation 

Vaporization of the oxide scale can have a significant influence on the oxidation behaviour. 
Tedmon [53] has described the phenomenon when a metal or an alloy shows parabolic oxide 
scale growth, but is simultaneously subjected to vaporization of the oxide scale. The total sum 
of the oxide scale thickness or mass gain is then a combination of two processes: (i) Parabolic 
oxide-scale growth by solid state diffusion through the oxide scale, and (ii) loss of the oxide 
scale due to volatilization. Initially, when the oxide scale is thin, scale growth is faster than 
vaporization, giving rise to parabolic oxidation behaviour. However, once a certain oxide scale 
thickness is reached, the oxide-scale growth rate is reduced to the same rate as the vaporization 
of the oxide scale. At this stage the oxide scale thickness remains constant. This gives rise to a 
mass gain behaviour called paralinear behaviour (see Figure 9). Initially mass gain behaviour 
is parabolic, but after a certain period of exposure parabolic mass gain behaviour turns into a 
linear mass loss, according to equation (15):  

∆𝑚𝑚 =  �𝑘𝑘𝑝𝑝𝑡𝑡 −  𝑘𝑘𝑣𝑣𝑡𝑡                    (15) 

Where Δm is the mass gain, kp is the parabolic rate constant, kv is the vaporization constant and 
t is the exposure time. 
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Figure 9: Paralinear mass gain behaviour illustrated as a combination of parabolic mass gain and linear mass loss 
due to vaporization. Drawn by the author. 

2.5 Electrical conductivity of oxide scales 
For metallic interconnects the electrical resistance caused by a growing oxide scale is of great 
importance. The total conductivity of a metal oxide is given by the sum of the conductivities of 
the electronic and ionic charge carriers according to equation (16) [43]. 

𝜎𝜎𝑡𝑡𝑡𝑡𝑡𝑡𝑡𝑡𝑡𝑡 = 𝜎𝜎𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖 + 𝜎𝜎𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒 =  𝜎𝜎𝑡𝑡𝑡𝑡𝑡𝑡𝑡𝑡𝑡𝑡(𝑡𝑡𝑒𝑒𝑒𝑒 + 𝑡𝑡𝑖𝑖𝑖𝑖𝑖𝑖)                     (16) 

Where σ is the electrical conductivity, tel is the transport number of electrons, and tion is the 
transport number of ions. Furthermore, the electronic conductivity is given by the sum of the 
conductivities due to electrons and holes, as shown in equation (17) [43]. 

𝜎𝜎𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒 = 𝜎𝜎𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒 + 𝜎𝜎𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒 ℎ𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜 =  𝑒𝑒(𝑛𝑛𝑣𝑣𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒 + 𝑝𝑝𝑝𝑝𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒 ℎ𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜)                    (17) 

Where n is the concentration of electrons, p is the concentration of electron holes, and ʋelectrons 
and ʋelectron holes are the mobility of electrons and electron holes, respectively. Both the 
concentration and the mobility terms are affected by the temperature. For electrical conductivity 
in oxides at elevated temperatures the concentration term is generally most important [43]. With 
increasing temperature the concentrations of electrons and electron holes increases. This results 
in a positive temperature dependency for oxides, which is in contrast to metallic conductors for 
which the conductivity decreases with increased temperature.  

In this work the electrical resistance of thermally grown oxide scales formed on thin-film Co- 
and Ce/Co-coated Cr2O3-forming steels has been investigated. At high temperatures chromia is 
known to be an intrinsic semiconductor, whereas at temperatures below 1000 °C, which is the 
relevant temperature regime for this work, chromia is an extrinsic semiconductor [58]. In a 
thermally grown chromia scale an oxygen activity gradient throughout the oxide scale is 
assumed, and at the metal-oxide interface the oxygen activity is assumed to be the same as the 
equilibrium partial pressure for the metal oxide. In the case of a chromia scale the partial oxygen 
pressure at the metal-oxide interface should therefore be below 10-23 atm at 650-850 °C. Due 
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to the oxygen activity gradient in the chromia scale a thermally grown chromia scale can consist 
of both an inner n-type and an outer p-type chromia scale, which has been shown by Latu-
Romain et al. [59]. Furthermore, it is not only the oxygen activity that has a strong influence on 
the electrical properties of the chromia scale. The doping of other cations can substantially 
influence the electrical conductivity of chromia [58, 60-62]. Apart from chromia the 
conductivity of Co-based spinel-type oxides is also relevant for this work. Spinel-type oxides 
are generally believed to conduct by hopping of charge between octahedral sites, and if the 
octahedral sites are occupied by cations of mixed valence the electrical conductivity may be 
further increased [16]. Spinel oxides based on cobalt, which is the type of spinel oxides formed 
on the Co- and Ce/Co-coated materials, possess significantly higher electrical conductivity at 
650-850 °C than chromia [16, 58, 60]. Due to the complexity of the oxide scales only the total 
resistance of the oxide scale is normally measured, which commonly is expressed as Area 
Specific Resistance (ASR). In equation (18) it can be seen that the ASR is the resistance 
multiplied by the area.  

𝐴𝐴𝐴𝐴𝐴𝐴 = 𝑅𝑅 ∗ 𝐴𝐴                    (18) 

Where ASR is the Area Specific Resistance, R is the resistance, and A is the area. 

If the thickness of the oxide scale is known, the ASR value can be transferred into the electrical 
conductivity according to equation (19): 

𝜎𝜎 = 𝐿𝐿
𝐴𝐴𝐴𝐴𝐴𝐴

                    (19) 

Where σ is the electrical conductivity, L is the thickness of the oxide scale, and ASR is the 
measured Area Specific Resistance. For a more detailed description regarding the ASR 
measurements see Section 4.4.  
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3. Corrosion in association to ferritic stainless steels as 
interconnect material in SOFCs 

The main function of the interconnect is to electrically connect the cells within a stack. Since 
the current will pass through the interconnect-electrode interface, the growth of an oxide scale 
is by far the largest contribution of the interconnect to the electrical resistance, if steels are used 
as the interconnect material (the resistance of the steel can be neglected). Steels that form a 
protective layer of electrically insulating Al2O3 or SiO2 have therefore been excluded as 
possible candidates for the interconnect material in SOFCs, despite their excellent high 
temperature corrosion resistance. Instead, Cr2O3-forming alloys (Cr2O3 is a semiconductor) 
have become the most popular choice of interconnect material for planar SOFCs operating at 
600-850 °C. Moreover, steels that form a protective Cr2O3 scale are generally considered to 
possess good high-temperature corrosion resistance in air. The problem remains that SOFC 
systems must guarantee a lifetime of at least five years without major degradation rates. During 
such long operating periods thick Cr2O3-scales are formed at the surface of the interconnect. 
The growth of a thick Cr2O3 scale leads to an increased electrical resistance, which results in 
decreased performance of the fuel cell. For this reason, improving the high temperature 
corrosion resistance of Cr2O3-forming steels is crucial to enable stable long-term performance, 
and also to prevent breakaway corrosion, which would lead to very rapid degradation of the 
SOFC. Furthermore, when Cr2O3-forming steels are used as the interconnect material in SOFCs 
a second degradation mechanism causing rapid degradation of the fuel cell is observed. On the 
cathode side, which contains both oxygen and water vapour, volatile Cr(VI) species, such as 
CrO2(OH)2, vaporize from the Cr-rich surface oxide scale (see section 2.4) [11, 54-56]. The 
volatile Cr(VI) species are then transported to the cathode where they may either be reduced 
back to Cr(III) at the Three Phase Boundary (TPB), forming deposits that block the 
electrochemical oxygen reaction process, or directly react with other stack components [10, 13, 
63, 64]. Both cases lead to fast stack degradation [63, 65], and for this reason it is of great 
importance to minimize Cr vaporization. 
 

3.1 Steels specially developed as interconnect material in SOFCs 
Chemical composition, steel microstructure and surface pre-treatment are some of the most 
important factors that determine if a steel will demonstrate protective behaviour (slow growing 
oxide scale) or not in a certain environment. Crofer 22 APU, Crofer 22 H, Sanergy HT and 
ZMG232 G10 are four of the most common commercially available ferritic stainless steels that 
are custom-made as interconnect material for SOFCs. These steels have four things in common: 
(i) To ensure the formation and growth of a protective Cr2O3-layer during long-term operation 
of the SOFC these steels contain approximately 22%wt. Cr. A higher amount of Cr may further 
improve long-term corrosion resistance; however, brittle sigma phase may form during 
operation, which is undesirable. (ii) Due to the requirement for low electrical resistance, the 
formation of a continuous layer of SiO2 must be avoided. For this reason the Si content in the 
two steels, Crofer 22 APU and ZMG232 G10, is very low. However, due to the lack of Si, these 
steels are produced using a special vacuum melting procedure. This process is expensive and 
therefore Nb and Mo or W is added to the two steels Sanergy HT and Crofer 22 H. These alloy 
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elements form Laves-phase (e.g. (Fe,Cr)2(Nb,W,Mo)) precipitates that bind the Si. The 
formation of Laves-phase precipitates also increases the high temperature creep strength of the 
steel. (iii) Small amounts of Mn (0.3 - 0.5%wt) are added for the formation of a continuous 
(Cr,Mn)3O4 top-layer, which reduces the vaporization of Cr species [66]. (iv) All four steels 
contain small amounts of Reactive Elements (RE). The addition of reactive elements, such as 
Ce, La, Y, Hf and Zr, is known to significantly improve the high temperature corrosion 
resistance of Al2O3- and Cr2O3-forming steels [30, 67-69]. This will be discussed in more detail 
in section 3.3. 

Alloys other than the four mentioned steels are frequently used as interconnect material in 
SOFCs. One of these is the Cr-based ODS alloy developed by Plansee, Austria (CFY 
interconnect). This material is based on chromium and contains approximately 5%wt. Fe, as 
well as a small amount of oxide dispersions such as Y2O3. This alloy is manufactured through 
a powder metallurgical process. Although this material shows very high corrosion resistance, 
in combination with excellent mechanical properties, the price for this material is very high. To 
be able to guarantee a lifetime of more than five years, with a very low degradation rate, several 
fuel cell manufacturers are willing to pay this price today. However, in order to reduce costs, 
other SOFC developers are searching for significantly cheaper interconnect materials. In fact, 
the four ferritic stainless steels specially developed as interconnect material for SOFCs (Crofer 
22 APU, Crofer 22 H, Sanergy HT and ZMG232 G10) are often considered as too expensive, 
since these steels are only produced for SOFC applications (small quantities). A strong driving 
force therefore exists to replace these custom-made interconnect steels with significantly 
cheaper steels that are already available in large volumes on the market. Some of the steels that 
have been considered as alternative interconnect materials in order to reduce cost are the two 
alloys AISI 441 and AISI 430, which are ferritic stainless steels containing approximately 16-
18% Cr and small amounts of Mn. These steels are primarily intended for SOFCs operating at 
lower temperatures, whereas the Cr-based ODS alloy is mainly used in SOFCs that are 
operating at higher temperatures.   

3.2 Coatings to mitigate Cr vaporization 
As mentioned in the previous section, ferritic stainless steels developed as interconnect material 
for SOFCs have been alloyed with small amounts of Mn to promote the formation of a 
continuous (Cr,Mn)3O4 top layer. This has been shown to reduce Cr vaporization by a factor of 
2-3 compared to alloys that form a top layer consisting almost entirely of Cr2O3 [66, 70]. 
However, significant amounts of Cr are still vaporized from the (Cr,Mn)3O4 top layer, which 
poisons the cathode [63, 65]. Therefore, the Cr vaporization rate must be decreased further to 
enable stable long-term performance. Today the majority of all interconnect steels are coated 
with either a ceramic or a metallic coating. Metallic coatings are oxidized at elevated 
temperatures in air, and thus are turned into ceramic coatings (conversion coatings) [27, 28]. 
Due to the requirement for low electrical resistance the ceramic coating must be a good 
electrical conductor at the desired operating temperature. It is also important for the coating not 
to have a negative effect on the oxidation-resistance of the steel, since a thicker Cr2O3 scale 
would lead to a higher electrical resistance of the interconnect, even though the coating material 
possesses high electrical conductivity.  
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Within the last decade hundreds of peer reviewed papers have been published investigating 
different coating materials as well as different deposition techniques. However, from all these 
studies very few actually contain any Cr vaporization measurements proving that the suggested 
coating actually mitigates Cr vaporization. One of the very first (from 2006) peer reviewed 
papers presenting Cr vaporization measurements from both uncoated and coated SOFC 
interconnect materials was published by C. Collins et al. [71]. In that study it was shown that a 
Co-Mn spinel coating, deposited using physical vapour deposition, was able to lower the rate 
of Cr vaporization by a factor of 2-3 compared to the uncoated Crofer 22 APU material at 800 
˚C in humid air. Shortly after, Stanislowski et al. [28] and Kurokawa et al. [14] published Cr 
vaporization measurements showing that both perovskite and spinel coatings, as well as 
metallic conversion coatings, can mitigate Cr vaporization.  

In the study by Stanislowski et al. [28] metallic Co- and Ni-conversion coatings (forming Co3O4 
or NiO during the exposure) were able to lower the Cr vaporization rate by two orders of 
magnitude, compared to the uncoated material, during an exposure time of 1200 h at 800 °C. 
However, from the four perovskite coatings, only the La0.99(Cr0.77Mg0.05Al0.18)O3 coating was 
able to reduce Cr vaporization by a factor of 4 without spalling off the substrate. In the study 
by Kurokawa et al. [14], however, it was shown that both perovskite coatings (LSM and LSCF) 
and Co-Mn spinel coatings are able to reduce the Cr vaporization rate by more than one order 
of magnitude. In fact, the density of the coatings was the main criteria determining the 
effectiveness of the coating with respect to Cr vaporization, not whether it was a spinel or a 
perovskite coating. Nevertheless, the exposure duration in the study by Kurokawa et al. [14] 
was less than 24 h, which is too short to be able to draw any conclusions about the long-term 
effectiveness of these materials. Although perovskite coatings have been, and still are, studied 
intensively, Co- and Mn-based spinel coatings are probably the absolute most common coating 
material for interconnects in SOFCs today. This type of material can supress Cr vaporization 
during long-term exposures [26-28, 32, 57, 72]. Moreover, the electrical conductivity at 
elevated temperatures is high [16], and some authors have also seen that these coatings have 
the potential to improve the oxidation resistance of the steel [25, 29, 73]. 

Co- and Mn-based spinel coatings can be applied by a great number of techniques, such as spray 
drying, dip-coating, screen printing, aerosol spray deposition, plasma spraying or Physical 
Vapour Deposition (PVD) [15, 18-24]. However, as has been shown in several studies [27, 28, 
74, 75], the steel can be coated with metallic Co, which upon oxidation is converted into a 
Co3O4 top-layer. Due to the high temperature, and the presence of Mn in the steel (most 
interconnect steels contain Mn), this Co3O4 top-layer is, with prolonged exposure time, enriched 
in Mn and as a consequence transformed into (Co,Mn)3O4 [25, 27, 72, 76].  

3.3 Reactive elements as a way to improve oxidation resistance 
Limiting the Cr2O3 scale thickness is absolutely crucial, due to the low electrical conductivity 
of Cr2O3 [58]. Additions of reactive elements, such as Ce, La, Y, Hf, and Zr, are known to 
significantly improve oxidation resistance in Al2O3- and Cr2O3-forming alloys [30, 68, 69]. 
Several mechanisms have been proposed in an attempt to explain the reactive element effect 
[30, 31]. The most widespread theory suggests that undoped Cr2O3 grows by a combination of 
metal outward and oxygen inward diffusion, with the former being the dominant mechanism. 
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Doping with reactive elements causes a segregation of the reactive elements at the Cr2O3 grain 
boundaries [77, 78]. This impedes metal outward diffusion and, as a consequence, the smaller 
flux of oxygen ions becomes the dominant mechanism for scale growth [67, 77]. Not only is a 
slower oxide scale growth rate commonly observed as reactive elements are added to the 
material, the addition of reactive elements often improves scale adhesion as well [32, 69]. 
Improved scale adherence, due to the addition of reactive elements, may be associated with 
improved interfacial chemical bonding and the possibility of gettering sulphur, as well as other 
impurities known to worsen scale adhesion [30]. Furthermore, since reactive elements are often 
added to the alloy, e.g. as oxide dispersions, they may also change the mechanical properties, 
as well as the grain size, of the bulk alloy. A change in mechanical properties of the bulk 
material may influence the scale adhesion. A smaller alloy grain size could also lead to more a 
more rapid supply of chromium to the metal-oxide interface during the transient oxidation 
phase. Moreover, studies have also shown that treating the surface with the reactive elements 
[77, 79] or by coating the alloy with a thin layer of a reactive element [32, 33] can significantly 
improve the oxidation resistance of the material and improve the scale adherence [32]. Although 
oxidation resistance may be improved by the addition of a reactive element coating, Cr 
vaporization is not reduced [32]. Adding reactive elements in the form of a coating for SOFC 
interconnects must therefore be combined with a second coating, such as Co-Mn spinel or 
metallic Co, which mitigates Cr vaporization, as discussed in the previous section. In our group 
at Chalmers University of Technology several studies have been carried out where ferritic 
stainless steels have been coated (by PVD) with dual layered coatings, consisting of either a 
thin layer of Ce or La, followed by a top-layer of Co [26, 32, 80-82]. These dual layered coatings 
have shown to both reduce Cr vaporization and improve oxidation resistance at 850 °C. In the 
results and discussion part of this work (Section 5), it will be shown that these dual layered 
Ce/Co-coatings also show excellent properties at lower temperatures (650 and 750 °C). 
Combined reactive element and Co-coatings can also be applied by other coating techniques. 
Harthoj et al. [25] showed that the oxidation resistance can be improved, causing a lower 
electrical resistance, by co-depositing CeO2 particles in the electrodeposited Co-coating, and 
Qu et al. [83, 84] showed that oxidation resistance can be improved by combining Ce or Y with 
Co, using sol-gel dip-coating to deposit the Co-, Ce/Co-, and Y/Co-coatings on a ferritic 
stainless steel. 
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4. Materials and methods 
 

4.1 Investigated materials 
Table 1 shows the composition of the five ferritic stainless steels and the Fe-Cr model alloy 
studied within this thesis. 
  
TABLE 1: Composition of the studied alloys in weight%, as specified by the manufacturer for the batches used. 

Material Manufacturer Fe Cr C Mn Si Mo W Nb Ti Add 

Sanergy HT 

Batch: 531816 

Papers I, II, 
and III 

AB Sandvik 
Materials 
Technology 

Bal. 22.4 0.01 0.25 0.07 0.93 <0.01 0.41 0.06 Zr 

Sanergy HT 

Batch: 518053 

Paper IV 

AB Sandvik 
Materials 
Technology 

Bal. 21.2 0.04 0.3 0.12 0.96  0.71 0.09 Zr 

Crofer 22 H 

Batch: 161061 

Paper I 

ThyssenKrupp 
VDM 

Bal. 22.9 0.007 0.4 0.2  1.9 0.5 0.07 La 

Crofer 22 
APU 

Batch: 
1732288 

Papers IV 
and V 

ThyssenKrupp 
VDM 

Bal. 22.9 0.004 0.38 0.01    0.06 La 

AISI 441 

Batch: 
064313 

Paper VI 

 Bal. 17.7 0.015 0.30 0.55   0.37 0.15  

Model alloy 

Paper VII 

MaTeck 80 20         
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All samples, were cut into 15 x 15 mm2 coupons. Crofer 22 H and the two batches of Sanergy 
HT (531816 and 518053) had a steel thickness of 0.2 mm, whereas the thickness of Crofer 22 
APU and AISI 441 was 0.3 mm. The thickness of the Fe20Cr model alloy, before grinding and 
polishing, was 1 mm. Except for the model alloy, all other samples were exposed in an as-
received state after being cleaned in acetone and ethanol using an ultrasonic bath. The same 
cleaning process was also used for the model alloy, after this material had been ground and 
polished.  
 
In all papers, with the exception of paper I, coated materials (Ce-, Co-, and Ce/Co-coatings) 
were investigated. All coatings were prepared at AB Sandvik Materials Technology using a 
Physical Vapour Deposition (PVD) process. The Ce-coatings can be considered as a layer of 
Ce-oxide, since Ce requires extremely low pO2 pressures in order not to oxidize. In Papers V 
and VI some of the materials had been mechanically deformed prior to exposure, with the aim 
of investigating the effect of mechanical deformation upon Cr vaporization and oxidation. For 
a more detailed description of the mechanical deformation procedure for the different materials 
see papers V and VI.  

4.2 Furnace exposures 
Two different furnace setups have been used within the work of this thesis. All exposures in 
papers I-VI were carried out in a horizontal tubular quartz reactor (Figure 10), whereas the 18O-
tracer exposures in Paper VII were carried out in a different setup, where the samples were 
hanging in a vertical quartz reactor (Figure 12). 

 

Figure 10: Schematic drawing of the experimental setup (except for Section 5.4 and paper VII). The Figure is 
reproduced by permission of The Electrochemical Society and is taken from [57]. 

Since the focus of this thesis was corrosion at the cathode side of the interconnect, all exposures 
were carried out under oxidizing (high pO2) conditions. In section 5.4, and in paper VII, all 
exposures were carried out in an atmosphere containing Ar with 20% O2 and ~1% H2O. The 
samples were exposed in a closed system without any flow, except natural convection, in order 
to eliminate 16O contamination during the 18O-exposure. In paper IV all samples were also 
exposed in a stagnant atmosphere, however, in contrast to paper VII, the exposure atmosphere 
in paper VI was laboratory air.  

In all the other papers (I, II, III, V and VI), the samples were exposed in an air-3% H2O 
atmosphere. 3% H2O was achieved by bubbling dried and cleaned air through a warm water 
bath connected to a condenser, which was set at 24.4 °C. The flow rate was set to 6000 sml 
min-1 to ensure a flow-independent regime in the reactor (see Figure 8, Section 2.4). In order to 
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minimize natural convection, and to ensure a more uniform flow pattern, a porous silicon 
carbide flow restrictor was placed in front of the samples.  

4.3 Cr vaporization measurements (the denuder technique) 
In Papers I, III, V, and VI the denuder technique was used to collect volatile chromium (VI) 
species. This technique is based on the reaction between sodium carbonate and volatile 
chromium species. Figure 10 shows that a denuder tube (made out of quartz) is placed behind 
the samples to act as the reactor outlet. The inside of the denuder tube is coated with Na2CO3(s), 
and, as volatile Cr(VI) species, formed at the sample surface, are transported with the gas stream 
through the coated denuder tube, sodium chromate is formed according to reaction (20).  

CrO2(OH)2(g) + Na2CO3(s) → Na2CrO4(s) + H2O(g) + CO2(g)                (20) 

This is a simple, but also a very efficient, method to collect volatile chromium species. By using 
the denuder technique a collection efficiency of 95 ± 5% can be achieved [57]. A second 
advantage of this technique is that the denuder tube can be replaced regularly and rinsed with 
water, without affecting the samples. The amount of vaporized Cr is then quantified using 
spectrophotometry (Evolution 60S, Thermo Scientific). A more detailed description of the 
denuder technique can be found elsewhere [57]. 

Cr vaporization measurements from pure Cr2O3: 
Cr vaporization was measured from a 15 x 15 mm2 sample of pure Cr2O3 (supplied by MaTeck, 
Germany). The exposure was carried out in a non-isothermal manner (the same manner as for 
the uncoated Sanergy HT and Crofer 22 H materials in Figure 22). 

4.4 Area Specific Resistance (ASR) measurements 
Area Specific Resistance (ASR) measurements were conducted in papers II-IV, with the aim of 
measuring the electrical resistance associated with the thermally grown oxide scales formed on 
the materials investigated, at temperatures between 650-850 °C. Today there are no standards 
for how to measure electrical scale resistance; instead each research group has their own way 
of measuring the ASR. In this work Platinum (Pt) was used as the electrode material, and all 
ASR measurements were conducted ex-situ (on exposed samples) in order to avoid any effect 
of the platinum electrode material, which has previously been observed by Grolig et al. [81]. 
The ASR measurements in paper II were carried out at SMN/FERMiO, University of Oslo in 
Oslo, Norway, whereas the ASR measurements in papers III and IV were carried out in our lab 
at Chalmers University of Technology, Sweden (see Figure 11). In both setups, the exposed 
samples were mounted in a ProboStat™ (NorECs, Norway) measurement cell using Pt wire 
and grid to contact the sample electrodes. The resistance was measured by the 2-point 4-wire 
method at 650-850 °C in air. To check for semiconductive behaviour the ASR was monitored 
as the samples cooled down. The electrical resistance is characterized by the ASR, which is the 
measured resistance (R) multiplied by the contact area (A). For a more detailed description of 
the method, see the corresponding papers. 
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Figure 11: Images showing the ASR setup and how the sample is mounted. 
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4.5 Two-stage exposures/ 18O tracer experiments 
In order to study the growth mechanism of thermally grown oxide scales, a two-stage 18O2 and 
16O2 experimental setup was used in Section 5.4 and in Paper VII. This special exposure setup 
was constructed at Chalmers University of Technology during the work of this thesis, and is 
shown in Figure 12 (a schematic drawing over the experimental setup can be seen in Paper VII 
(Figure 1)). By starting the exposure (stage 1) in an 18O2-rich atmosphere, the thermally grown 
oxide scale formed during the first stage is marked by the oxygen isotope 18O. Immediately 
before the second exposure stage, the atmosphere is switched (without cooling down the 
furnace) to a 16O-rich atmosphere. The switch takes only a few minutes. After the samples have 
been exposed to both 18O and 16O, the thermally grown oxide scale is analysed using Secondary 
Ion Mass Spectroscopy (SIMS, see Section 4.6.6). By separating the two oxygen isotopes it is 
possible to see whether the 16O-rich oxide, grown during the 2nd stage, is primarily formed by 
inward oxygen diffusion (metal-oxide interface is rich in 16O), or by means of metal outward 
diffusion (gas-oxide interface is rich in 16O). SIMS depth profiling has traditionally been used 
for this. The interpretation of such depth profiles are, however, often non-trivial due to the 
limited lateral resolution, which frequently is in the µm-range or in best cases a few hundred 
nanometers. Rough surface topography and thickness variation of the oxide scale over the 
analysed volume adds to the ambiguity of the results. For this reason a new method to analyse 
the two-stage exposures was developed in this thesis. Instead of traditional SIMS sputter depth 
profiling, high-resolution nanoSIMS was used to map (16O and 18O maps) the surface of a cross 
section prepared by FIB milling and lift-out technique. For more details regarding the exposure 
conditions and the SIMS analyses, see Paper VII.  
 

 
Figure 12: Photograph of the two-stage exposure setup (a schematic drawing of the experimental setup can be 
found in Paper VII, Figure 1). 
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4.6 Analytical techniques 
In order to characterize the thermally grown oxide scales a combination of analytical methods 
has been utilized. Gravimetric measurements were made to follow the oxidation kinetics of the 
thermally grown oxide scales. Microstructure and chemical composition of the oxide scales 
were analysed by Scanning Electron Microscopy (SEM) and Energy Dispersive X-Ray analysis 
(EDX). In Papers III, V, and VII Focused Ion Beam (FIB) milling and lift-out technique was 
used to prepare thin lamellas for SEM/EDX and TEM analyses, and in papers III and IV Broad 
Ion Beam (BIB) milling was used to generate cross sections for SEM/EDX analyses. X-Ray 
Diffraction (XRD) was used to identify the crystalline phases present in the oxide scales. To 
measure the electrical resistance of the oxide scales, ASR measurements (see Section 4.4) were 
conducted at 650-850 °C (Papers II, III, and IV), and in paper VII Secondary Ion Mass 
Spectroscopy (SIMS) was utilized to analyse the oxide scale after the 16O-, 18O-isotope 
experiments. Furthermore, to quantify the amount of volatile chromium species, collected using 
the denuder technique, spectrophotometry was utilized (Papers I, III, V, and VI).  

4.6.1 Scanning Electron Microscopy (SEM) 
Scanning Electron Microscopy (SEM) is a frequently used tool for microstructural surface 
characterization. In contrast to optical light microscopy, SEM is not limited by the wavelength 
of optical light and can therefore reach much higher resolutions than optical microscopy [85]. 
A focused beam of electrons, called the primary beam, is created in the electron gun. When the 
electrons of the primary beam penetrate the sample surface, interaction between the electron 
beam and the solid specimen generates secondary electrons (SE), backscattered electrons (BSE) 
and characteristic X-rays (EDX) [85]. By scanning the sample surface, a virtual SEM image of 
the sample surface can be constructed. 

Secondary Electrons (SE): 
The electrons ejected from the sample surface as the primary beam penetrates the surface of the 
sample are called secondary electrons (see Figure 13). Secondary electrons tend to have very 
low energy and can therefore only escape from the outermost part of the sample (< 2 nm below 
the surface). For this reason, secondary electrons offer the best imaging resolution [85]. 

  

Figure 13 Schematic drawing of how secondary electrons, backscattered electrons and characteristic X-rays are 
formed in an SEM, as well as the interaction volume between the incoming electron beam and the specimen, 
adapted from [85, 86]. 
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Backscattered Electrons (BSE): 
As the primary beam penetrates the surface of the sample some of the electrons are scattered 
back from the sample surface by means of elastic collision with the nuclei of the atoms in the 
sample. Backscattered electrons possess much higher energy than secondary electrons, which 
results in a much larger interaction volume (Figure 13), and as a consequence the resolution in 
a BSE image is not as good as in a SE image [85]. However, more electrons are backscattered 
in materials with heavy elements, which has the effect that heavier elements are brighter in a 
BSE image. Thus a BSE image can give information about variations in the chemical 
composition of the sample surface [85].  
 
Energy Dispersive X-Ray analysis (EDX): 
X-Rays are generated when an electron with high energy (from the primary beam) ejects an 
inner shell (e.g. K-shell) electron from a sample atom. As a result, another electron with higher 
energy in an outer electron shell will fill the vacancy, and as a consequence energy in the form 
of an X-ray photon is released (Figure 13). The energy of this characteristic X-ray photon, 
depends on the atomic number Z of the atom, and on the quantum numbers of the energy levels 
involved in the electron transition. Each element has therefore defined energy differences 
between their electron shells. These X-rays, emitted from the sample material, can be measured 
with an X-ray spectrometer and a spectrum can thus be constructed by plotting the number of 
X-ray photons as a function of photon energy [85]. X-rays can escape from a much larger depth 
in the sample material than secondary and backscattered electrons (Figure 13). For this reason 
EDX resolution is substantially poorer than the resolution of both SE and BSE images, and as 
consequence, great care needs to be taken when interpreting the EDX data.  

4.6.2 Transmission Electron Microscopy (TEM) 
Transmission Electron Microscopy (TEM) is a valuable technique in order to acquire 
information about microstructure, chemical composition and crystal structure with very high 
spatial resolution. In contrast to SEM, electrons from the primary beam pass through the sample 
in TEM. The sample therefore needs to be electron transparent (usually 20-200 nm), and the 
accelerating voltage very high (typically 200-300 kV). If the investigated material is crystalline, 
the incoming electrons are diffracted by planes of atoms inside the material. It is therefore 
possible to form a transmission electron diffraction pattern from the electrons that have passed 
through the TEM lamella, and thus the crystalline structure of e.g. an oxide layer can be 
identified [85]. Another valuable method is Electron Energy-Loss Spectrometry (EELS). EELS 
is the analysis of the energy distribution of electrons that have been transmitted through the 
specimen (the TEM lamella). Some of the transmitted electrons have not lost any energy at all, 
however others may have suffered inelastic (usually electron-electron) collisions, and thus lost 
energy. The lost energy can be correlated to the valence state, the nearest-neighbour atomic 
structure, and the band gab etc. [87]. Furthermore, due to the extremely high spatial resolution 
in EELS, this technique can be used to detect elements within the grain boundaries of oxide 
scales, as has been shown by M. Sattari et al. [88]. 

Prior to the TEM analysis, an electron transparent specimen must be prepared, which is usually 
done by FIB milling and lift-out technique (Section 4.6.3).  
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4.6.3 Cross section preparation 
In order to characterize a thermally grown oxide scale, a cross section of the sample is usually 
prepared, which is subsequently analysed in the SEM. In Papers I, II, and V cross sections were 
manually prepared (grinding and polishing), whereas in Papers III and IV cross sections were 
prepared by Broad Ion Beam (BIB) milling, which is similar to Focused Ion Beam (FIB) 
milling. In Papers III, V, and VII FIB milling was used to prepare thin lamellas for SEM/EDX 
and TEM analysis. 

Broad Ion Beam (BIB) milling: 
Preparation of cross sections by ion milling has several advantages compared to traditional 
methods like mechanical polishing, such as less mechanical damage on the cross section 
surface, cracks and voids are not filled with polished material, and ion milling does not leave 
abrasive artefacts on the surface. For BIB milling, argon ions are utilized to mill deep into the 
sample and thus create a smooth surface that can later be analysed in the SEM. In this work a 
Leica EM TIC 3X was used, which is equipped with three argon ion guns and can therefore, 
within only a few hours, create a cross section as broad as one millimetre. Before the milling 
process a low speed saw with a diamond blade was used to cut the sample in half to enable BIB 
cross sections from the centre of the sample and not from the edges.  

Focused Ion Beam (FIB) milling: 
In both Focused Ion Beam (FIB) and Broad Ion Beam (BIB) milling, ions are utilized to prepare 
smooth cross section surfaces. In FIB this is done by focusing a high current ion beam, most 
commonly gallium (Ga) ions, at the surface. The high energy of the ions will sputter away the 
sample material, and by moving the beam a cross section can be created in a selected area [85]. 
In contrast to BIB milling only a very small cross section (10-20 µm) is created by FIB. 
Nevertheless, when a certain area on the sample is of interest, FIB milling may be more 
advantageous than BIB milling. Furthermore, to prepare a thin lamella for TEM analysis, FIB 
milling and lift-out technique is frequently used. FIB milling and lift-out technique was used in 
Papers III, and V to prepare a thin specimen for EDX analysis. Due to the much thinner 
specimen, the interaction volume decreases significantly (see Figure 13) and much higher EDX 
resolution can be achieved. In order to acquire high resolution TEM images, and to prepare a 
cross section for nanoSIMS analysis, preparation of a thin lamella by FIB milling and lift-out 
technique was also carried out in Paper VII.  

4.6.4 X-Ray Diffraction (XRD) 
X-Ray Diffraction (XRD) is an analytical method frequently utilized to determine the phases 
present in a crystalline material. When a beam of monochromatic X-rays strikes a crystalline 
surface at angle θ, some of the X-rays are scattered by the atoms at the surface, whereas the rest 
of the beam penetrates through the first layer of atoms to the second layer of atoms. From these 
X-rays a portion will be scattered at the second layer, whereas the rest of the X-rays will 
penetrate deeper into the material. For the scattered X-rays to emerge as a single beam of 
reasonable intensity they must be in phase (constructive interference). For constructive 
interference to take place the path lengths of the interfering beams must differ by an integral 
number of wavelengths [89]. The Bragg equation (Equation 21) is a mathematical relation 
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between the angles at which constructive interference occurs and the distance between the 
lattice planes in a crystal.  

𝑛𝑛𝑛𝑛 = 2𝑑𝑑ℎ𝑘𝑘𝑘𝑘 sin𝜃𝜃                  (21) 

Where dhkl is the interplanar spacing between the lattice planes, θ is the angle between the 
incident beam and the lattice planes, n is an integer and λ is the wavelength of the incident X-
ray beam. By measuring the intensity of the scattered X-rays as a function of the diffraction 
angle 2θ (°), a diffraction pattern is observed. The angles at which diffraction occurs can be 
used to determinate the spacing of the various lattice planes, and therefore the crystal structure 
of the phase or phases within the analysed material [48]. 

XRD is mainly used for phase analyses of bulk materials. For this purpose the Bragg-Brentano 
setup is the most common setup in which both the X-ray source and the detector move around 
the sample, allowing the angle of incidence and the angle of reflection to be the same. However, 
for XRD characterization of thin films, the X-ray source should preferably be fixed at a low 
angle, otherwise the signal from the thin film will be too weak. Another setup, called the 
Grazing-Incidence setup, is therefore commonly used for thin film characterization. With this 
setup the X-ray source is fixed at a specific angle (commonly < 5 ° depending on the thickness 
of the film), and only the detector moves around the sample. Both of these two setups have been 
used in this work. In Paper I very thin oxide scales were formed on some of the investigated 
samples, therefore the Grazing-Incidence setup was used in Paper I, whereas the Bragg-
Brentano setup was used for XRD analysis in Paper IV, since some of the samples investigated 
in Paper IV had formed several µm thick oxide scales. 

4.6.5 Spectrophotometry 
Spectrophotometry can be utilized to determine the concentration of light-absorbing ions or 
molecules in a solution. The basic principles of spectrophotometry are to allow monochromatic 
light to pass through a cuvette containing a solution of light-absorbing ions or molecules, and 
measure the intensity of transmitted light with a photometer. The absorbance can then be 
calculated using the Beer-Lambert Law (22): 

𝐴𝐴 =  𝑙𝑙𝑙𝑙𝑙𝑙10
𝐼𝐼0
𝐼𝐼
                    (22) 

Where A is the absorbance, I0 is the intensity of the transmitted light for a given wavelength 
using the pure solvent, and I is the intensity of transmitted light through the solution [90]. For 
Cr vaporization measurements (Papers I, III, V, and VI), the denuder technique was used, in 
which volatile chromium (VI) species react with the Na2CO3-coated denuder tube, forming 
Na2CrO4 (see Section 4.3). Water solutions containing CrO4

2- ions show a strong absorption 
peak at 370 nm, and for this reason monochromatic light at this wavelength was used for 
concentration measurements of the CrO4

2- solutions. By measuring the absorbance of several 
well-known CrO4

2- standard solutions, an absorption factor could be calculated and used for the 
concentration analyses. 
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4.6.6 Secondary Ion Mass Spectroscopy (SIMS) 
Secondary Ion Mass Spectroscopy (SIMS) is a technique used to analyse the chemical 
composition of solid surfaces by sputtering the surface of the sample, and subsequently 
analysing the ejected ions with a mass spectrometer. The basic principle of SIMS is to focus an 
ion beam, onto the specimen surface, thus creating secondary ions in a sputtering process [91]. 
Most of these sputtered particles are neutral and cannot be analysed. However, a fraction of the 
sputtered particles, typically between 10-5 and 10-2 (this is strongly depending on the species 
and the composition of the target (matrix)), are ionised in the process of ejection. These ions 
are referred to as “secondary ions”. It is these ions that are physically separated and counted in 
the mass spectrometer [92]. SIMS is a technique frequently used for analysing very small 
amounts of an element such as impurity elements (ppm to ppb concentrations) [92]. In this work 
(Section 5.4 and Paper VII), SIMS was utilized to separate the two oxygen isotopes, 16O and 
18O, within the oxide scales formed after two-stage exposures (see section 4.5). A TOF-SIMS 
V (ION-TOF, GmbH, Münster, Germany) was used for depth profiling, whereas a Carmeca 
Nano-SIMS 50L, with high spatial resolution (down to 50 nm [92]) was used to map 16O and 
18O of a TEM-lamella. 

For the sputter depth profiles (TOF-SIMS) a dual beam setup was used. First Cesium ions (Cs+) 
were used to remove, step by step, the oxide scale (create a sputter crater, and thus also a sputter 
depth profile). The secondary ions that were ejected from the specimen surface in this step were 
not analysed in the mass spectrometer. Instead, after each Cs+ sputtering step, Bismuth ions 
(Bi+ or Bi3

+) were used to analyse the surface in the sputter crater. The secondary ions created 
in this second step were the ions subsequently analysed in the time-of-flight (TOF) mass 
spectrometer. The sputtering procedure in the nanoSIMS (for the 16O and 18O maps) is slightly 
different from that of the TOF-SIMS. In the nanoSIMS a continuous beam of Cs+ is used for 
sputtering, and the ionized surface atoms (secondary ions) from this step are analysed in the 
mass spectrometer.  
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5. Results and discussion 

5.1 Uncoated steel: Cr vaporization and oxide scale growth at 650-850 °C 
Increased temperature is commonly used to accelerate high temperature corrosion mechanisms 
that are thermally activated, such as oxide scale growth and Cr vaporization. Cr vaporization 
and oxide scale growth are however two separate mechanisms, and may therefore be influenced 
differently by an increase in temperature. The purpose of this study was therefore to separately 
investigate the influence of temperature on both mechanisms. Two commercially available 
ferritic stainless steels, Sanergy HT and Crofer 22 H, were selected and isothermally exposed 
for 24, 168 and 500 h at three temperatures (650, 750 and 850 °C).   

5.1.1 Net mass gain 
At 850 ºC both steels show parabolic mass gain behaviour (Figure 14). However, as the 
temperature is decreased, to 750 and 650 °C, negative mass gains are observed for both 
materials after 500 h. 

 
Figure 14: Net mass gain for Sanergy HT (black) and Crofer 22 H (grey) isothermally exposed for 24, 168 and 
500 h at 650 (dots), 750 (triangles) and 850 °C (squares) in air containing 3% H2O (6000 sml min-1). 
 
An increase in mass is commonly attributed to oxide scale growth. However, changes in net 
mass gain values may be misleading owing to factors such as vaporization or spallation of the 
oxide scale. Since no signs of oxide scale spallation were observed, the negative mass gain 
values seen at the lower exposure temperatures are believed to be an effect of Cr vaporization. 
This type of mass gain behaviour, seen at both 650 and 750 °C, is commonly associated with 
paralinear oxidation, where the mass gain value is a function of parabolic oxide scale growth 
with simultaneous vaporization of the oxide scale [53, 93].  
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5.1.2 Accumulated Cr vaporization 
From the Cr vaporization measurements presented in Figure 15, it can be concluded that both 
steels exhibits similar vaporization behaviour. However, the amount of vaporized Cr at all three 
temperatures is on average 20-30% lower after 500 h of exposure for Crofer 22 H. Furthermore, 
the Cr vaporization measurements show that a substantial amount of Cr is vaporized even at 
lower temperatures (only a factor ~5 lower at 650 °C compared to at 850 °C after 500 h).  

 

Figure 15: Accumulated Cr vaporization as a function of time for (a) Sanergy HT and (b) Crofer 22 H at 650 
(dots), 750 (triangles) and 850 °C (squares) in air containing 3% H2O (6000 sml min-1). Filled and empty symbols 
represent the two individual isothermal exposures. The dashed lines are provided for illustrative purposes. 
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5.1.3 Gross mass gain 
By adding the amount of vaporized Cr (as Cr2O3) to the net mass gain values in Figure 14, the 
gross mass gain (compensated for Cr vaporization) can be calculated. By compensating for the 
mass loss caused by Cr volatilization, it can be concluded that both steels show positive gross 
mass gain values at all three temperatures, as would be expected (Figure 16). Furthermore, both 
steels show parabolic gross mass gain behaviour at all three temperatures, which indicates that 
solid state ion diffusion is the rate-determining mechanism for oxide scale growth. It is also 
interesting to note that both steels show very similar gross mass gain behaviour at 750 ºC. This 
indicates that the lower net mass gain values for the steel Sanergy HT at 750 ºC (Figure 14) are 
an effect of the higher amount of vaporized Cr at this temperature. The lower mass gain values 
for Sanergy HT at 850 ºC cannot however entirely be explained by a higher amount of 
volatilized Cr. Instead, the main reason for the lower mass gain for Sanergy HT at 850 ºC is the 
thinner oxide scale (Figure 18). The thicker oxide scale for the Crofer 22 H material may be an 
effect of the higher Mn content compared to Sanergy HT. Hua et al. [94] and Stott et al. [95] 
have studied the effect of Mn in Fe-Cr steels, and in both studies it was seen that the oxide scale 
thickness increased as an effect of higher Mn content. Also Sachitanand et al. [66] observed an 
increase in mass gain as a function of Mn content in the steel, as he investigated five different 
ferritic stainless steels aimed to be used as interconnect material in SOFC. Nevertheless, there 
are other differences between Crofer 22 H and Sanergy HT, such as minor alloying elements, 
microstructure and surface treatment etc., which may very well have a larger effect on the 
oxidation kinetics than the Mn content.  

 

 
Figure 16: Gross (corrected for Cr vaporization) mass gain for Sanergy HT (black) and Crofer 22 H (grey) 
isothermally exposed for 24, 168 and 500 h at 650 (dots), 750 (triangles) and 850 °C (squares) in air containing 
3% H2O (6000 sml min-1). 
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5.1.4 Cr vaporization rate 
One of the main advantages with the denuder technique (see Section 4.3) when measuring Cr 
vaporization is that denuder tubes can be replaced during isothermal exposure without affecting 
the samples. The amount of Cr collected in each denuder interval can therefore be used to 
calculate the rate of Cr vaporization as a function of exposure time. In Figure 17 it can be seen 
that the Cr vaporization rate decreases initially for both materials at all three exposure 
temperatures, although at 650 °C, and for Sanergy HT at 750 °C, the initial decrease is not very 
pronounced. At 850 °C a faster decrease in Cr vaporization rate is seen for Crofer 22 H 
compared to Sanergy HT. Furthermore, at 750 °C a clear decrease in Cr vaporization rate is 
seen within the first 200 hours of exposure for Crofer 22 H, whereas for Sanergy HT only a 
very small initial decrease is observed. In fact, Cr vaporization measurements from uncoated 
Sanergy HT after more than 3000 h at 750 °C show that the rate of Cr vaporization is not 
decreasing any further than after 500 h at 750 °C (Figure 29 in Section 5.2.2). The faster and 
more pronounced decrease in Cr vaporization rate for Crofer 22 H compared to Sanergy HT 
could be correlated to the higher Mn content in Crofer 22 H compared to Sanergy HT (the 
Sanergy HT batch 531816 was used in this study). This element is critical in forming a 
(Cr,Mn)3O4 top-layer, which is known to reduce Cr vaporization [66, 70]. 
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Figure 17: Rate of Cr vaporization as a function of time for Sanergy HT (Black) and Crofer 22 H (Grey) at 850, 
750 and 650 °C in air containing 3% H2O (6000 sml min-1). Filled and open symbols represent the two individual 
isothermal exposures. The dashed lines are provided for illustrative purposes. 
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At 850 ˚C Mn outward diffusion is fast, which is assumed to be the reason for the strong 
reduction in Cr vaporization rate at this temperature compared to 750 and 650 ˚C. Already after 
168 h at 850 °C a 1-1.5 µm thick (Cr,Mn)3O4 top-layer has been formed on Sanergy HT 
according to Froitzheim et al. [27]. The formation of a micrometre thick (Cr,Mn)3O4 top-layer 
could explain the rapid decrease in Cr vaporization rate observed during this time interval for 
Sanergy HT. The thickness of the (Cr,Mn)3O4 top-layer after 500 h in this study was also ~1 
µm (see Figures 18 and 20), which would explain why the decrease in Cr vaporization rate 
levels off after 100-200 h for the Sanergy HT material. In Figure 15 it was shown that less Cr 
vaporized from Crofer 22 H compared to Sanergy HT after 500 h at 850 °C. However, the Cr 
vaporization rate measurements show that the difference in the total amount of volatilized Cr 
after 500 h at 850 °C is correlated to the faster reduction in Cr vaporization rate for the Crofer 
22 H material (Figure 17). After 200 h of exposure at 850 ºC no measurable difference in Cr 
vaporization rate between the two materials can be observed. This is in good agreement with 
the SEM cross section images in Figure 18 that show that both materials have formed similar 
(Cr,Mn)3O4 top-layers after 500 h at 850 °C. Since Sanergy HT contains less Mn than Crofer 
22 H it is assumed that the (Cr,Mn)3O4 top-layer is growing slower on Sanergy HT compared 
to Crofer 22 H, and thus a less steep decrease in Cr vaporization rate is observed for the Sanergy 
HT steel. Nevertheless, as was mentioned earlier, it is important to point out that other factors, 
such as steel microstructure and surface treatment, are also important factors that influence the 
outward flux of Mn ions, and thus the growth of a (Cr,Mn)3O4 top-layer. 

 
Figure 18: SEM cross section images and EDX elemental maps of (a) Sanergy HT and (b) Crofer 22 H exposed 
for 500 h at 850 °C in air 3% H2O (6000 sml min-1). 
 
Moreover, in the previously discussed study by Froitzheim et al. [27], a thin top-layer oxide, 
rich in both Mn and Cr, was observed already after 1 h at 850 °C for Sanergy HT. This sample 
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was exposed under the same exposure conditions as the 850 °C samples in this work. If a 
continuous, or almost continuous, layer of (Cr,Mn)3O4 is already formed after 1 h of exposure, 
the strong decrease in Cr vaporization rate between 1-200 h of exposure seen in this work cannot 
completely be explained by the formation of a (Cr,Mn)3O4 layer. It is assumed that vaporization 
of Cr species takes place at the gas-oxide interface, and should therefore not be thickness-
dependent if the chemical composition of the oxide scale is homogenous. However, since a 
growing oxide scale under the present conditions is not expected to be in equilibrium, a 
concentration gradient may be present within the oxide scale. Due to rapid Mn outward 
diffusion from the steel, and the loss of Cr as an effect of Cr vaporization (reaction 23), a 
chemical gradient may be present within the (Cr,Mn)3O4 top-layer.  

𝑴𝑴𝑴𝑴(𝟏𝟏 + 𝒙𝒙)𝑪𝑪𝑪𝑪𝟐𝟐𝑶𝑶𝟒𝟒(𝒔𝒔) + 𝟑𝟑𝟑𝟑𝑯𝑯𝟐𝟐𝑶𝑶(𝒈𝒈)  𝟓𝟓𝟓𝟓
𝟐𝟐
𝑶𝑶𝟐𝟐(𝒈𝒈) →𝑴𝑴𝑴𝑴𝟏𝟏+𝒙𝒙𝑪𝑪𝑪𝑪𝟐𝟐−𝒙𝒙𝑶𝑶𝟒𝟒(𝒔𝒔) + 𝟑𝟑𝟑𝟑𝟑𝟑𝟑𝟑𝑶𝑶𝟐𝟐(𝑶𝑶𝑶𝑶)𝟐𝟐(𝒈𝒈)               (23) 

According to Jung [96], there is a miscibility in (Cr,Mn)3O4 at elevated temperatures at which 
the Cr:Mn ratio can vary from 2:1 (MnCr2O4) to 1:2 (Mn2CrO4). In order to investigate whether 
a chemical gradient can be seen within the (Cr,Mn)3O4 top-layer, two TEM lamellas were 
prepared from the samples exposed for 24 and 500 h at 850 ̊ C, and EDX line scans were carried 
out (Figures 19 and 20).  

 

Figure 19: STEM/EDX line scans along the (Cr,Mn)3O4 top-layer formed on Sanergy HT after 24 h at 850 ˚C in 
air containing 3% H2O with a flow rate set to 6000 sml min-1. 

In the 24 h sample the observed Cr:Mn ratio was 2:1 throughout the entire (Cr,Mn)3O4 top-
layer. For the sample exposed for 500 h (Figure 20) a 2:1 Cr:Mn ratio was observed at the 
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metal-oxide interface (as was the case for the 24 h sample). However, in contrast to the 24 h 
sample, the Cr concentration decreased towards the surface, resulting in a Cr:Mn ratio of 1:1 at 
the gas-oxide interface. It should however be pointed out that the EDX line scan in Figure 20 
doesn’t represent the entire (Cr,Mn)3O4 top-layer formed after 500 h at 850 ˚C. In the areas next 
to the large crystal, where the (Cr,Mn)3O4 top-layer is thinner, the Cr:Mn ratio was 2:1 
throughout the entire spinel top-layer. Nevertheless, due to the greater diffusion distance out to 
the outermost part of the surface in the larger crystals, in combination with a larger surface area 
where Cr volatilization can take place, the Cr:Mn ratio is shifted towards a lower Cr 
concentration at the surface of the larger spinel crystals. From these results it is not possible to 
conclude whether the observed chemical gradient in the larger surface crystals actually could 
be the main cause for the rapid decrease in Cr vaporization rate seen in Figure 17. Furthermore, 
during exposure, not only is the chemical composition at the surface changing, the actual 
surface area and the amount of grain boundaries (rapid diffusion paths for Cr and Mn) are also 
changing with time, due to coarsening of the spinel top-layer crystals. It should also be pointed 
out that, although the resolution of EDX line scans on thin lamellas are very good, the exact 
Cr:Mn ratio at the outermost monolayers is not known, which is the area where the formation 
of volatile chromium (VI) species are assumed to take place. Nevertheless, what the results did 
show is that as large spinel crystals are growing at the surface, Cr supply to the outermost part 
of the surface is reduced, and as a consequence, the Cr concentration is decreasing, thus 
reducing the Cr concentration at the surface. 
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Figure 20: STEM/EDX line scans along the (Cr,Mn)3O4 top-layer formed on Sanergy HT after 500 h at 850 °C in 
air containing 3% H2O with a flow rate set to 6000 sml min-1. 
 
When the temperature is reduced from 850 °C to 750 °C the reduction in Cr vaporization rate 
is slower and less pronounced. This is assumed to be correlated to slower outward diffusion of 
Mn ions at the lower temperature. Moreover, at 750 °C a notable difference was observed 
between the two steels (Figure 17). Crofer 22 H showed a reduction in Cr vaporization rate 
during the first 200-300 hours of exposure, whereas Sanergy HT only showed a small reduction 
initially. In fact, after 200-300 h the Cr vaporisation rate at 750 °C for Crofer 22 H was only 
half of the rate for Sanergy HT. According to the XRD analysis, Cr2O3 and spinel-type oxide 
were formed on both steels at 750 °C (see Paper I). From the top-view images in Figure 21 it 
can be seen that the surface crystallites are larger at the surface of Crofer 22 H compared to 
Sanergy HT. Based on the observations in Figures 19 and 20, it can be speculated that the 
concentration of Cr at the surface of the Crofer 22 H steel is lower than the Cr concentration at 
the surface of the Sanergy HT steel, resulting in a lower Cr vaporization rate for the Crofer 22 
H steel. 
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Figure 21: SEM top view images of Sanergy HT and Crofer 22 H exposed for 500 h at 750 and 650 °C in air 
containing 3% H2O with a flow rate set to 6000 sml min-1. 

When the exposure temperature is decreased even further, down to 650 °C, both steels shows 
similar vaporization rates (Figure 17), and only a very limited reduction in Cr vaporization rate 
with time can be noticed. This agrees well with the top-view images in Figure 21, where no 
clear difference in crystallite size between the two steels can be seen. According to the XRD 
analysis (see Paper I) the two phases, Cr2O3 and spinel-type oxide, were also formed on both 
steels at 650 °C.  
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5.1.5 The effect of temperature on oxide scale growth and Cr vaporization 
To be able to compare the effect of temperature on the two degradation mechanisms, oxide 
scale growth and Cr vaporization, the activation energy for both reactions was calculated using 
Equation 24.  
 
ln(𝑘𝑘) = −𝐸𝐸𝑎𝑎

𝑅𝑅𝑅𝑅
+ ln (𝐴𝐴)                   (24) 

Where k is the rate constant of a chemical reaction (oxide scale growth respectively Cr 
vaporization), Ea is the activation energy, R is the universal gas constant, T is the absolute 
temperature and A is the pre-exponential factor. 
 
To calculate the activation energy for oxide scale growth, parabolic rate constants were 
calculated from the gross mass gain data (Figure 16). The relationship between mass gain and 
oxidation kinetics can be described using the parabolic rate law (25). 
 
∆𝑚𝑚2 = 𝑘𝑘𝑝𝑝𝑡𝑡 + 𝐴𝐴                   (25) 

Where Δm is the mass gain, t is the exposure time, A is the integration constant and kp is the 
parabolic rate constant. Both steels showed parabolic type behaviour, which indicates that scale 
growth is controlled by solid state diffusion. The calculated rate constant values at 650, 750 and 
850 °C (see paper I) are within the typical order of Cr2O3-forming materials [97-99]. From these 
values, activation energies of 261 and 283 kJ mol-1 for Sanergy HT and Crofer 22 H, 
respectively, were obtained. 

These values agree well with other published activation energy values for the high temperature 
oxidation of Fe-Cr alloys in air [97, 100-102]. Activation energy values obtained from such 
parabolic rate constants are probably a combination of several mechanisms and specific for the 
alloys and exposure conditions. Nevertheless, the values are close to the 255 kJ mol-1 reported 
by Hagel and Seybolt [103] for cation diffusion in Cr2O3, which might therefore suggest that 
the oxide scale predominantly grows by means of the outward diffusion of Cr ions.  

To calculate the activation energy for Cr vaporization, non-isothermal exposures were carried 
out (Figure 22), since the isothermal exposures did not show Arrhenius-type temperature 
dependence. The non-Arrhenius-type temperature dependence for the isothermal exposures is 
assumed to be due to differences in morphology and/or chemical composition of the spinel top-
layer at various temperatures.  
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Figure 22: Rate of Cr vaporization for Sanergy HT (Black) and Crofer 22 H (Grey) at different temperatures in 
air containing 3% H2O (6000 sml min-1). The samples were initially exposed at 850 °C until a steady-state rate 
was reached. Cr vaporization was then measured at 750 and 650 °C within the same exposure.  
 
Using the rate of Cr vaporization obtained in these experiments, activation energies of 91 and 
92 kJ mol-1 for Sanergy HT and Crofer 22 H, respectively, were obtained (see Arrhenius plot 
in Paper I, Figure 12). Since the activation energy for scale growth was approximately 3 times 
higher (~270 kJ mol-1) than the activation energy for Cr vaporization (~90 kJ mol-1), it can be 
concluded that Cr vaporization is less influenced by temperature than oxide scale growth. The 
lower activation energy value for Cr vaporization, compared to oxide scale growth, explains 
the negative net mass gain values for the uncoated materials at 750 and 650 °C (Figure 14). 

 

5.1.6 Activation energy measurements for Cr vaporization from pure Cr2O3  
Cr vaporization measurements from pure Cr2O3 were carried out in order to compare the 
activation energy value from pure Cr2O3 with the obtained activation energies for Cr 
vaporization from uncoated Sanergy HT and Crofer 22 H in the previous section, as well as the 
obtained values from Co- and Ce/Co-coated Sanergy HT in section 5.2.2. As is expected, the 
Cr vaporization rate is higher for pure Cr2O3 compared to uncoated Sanergy HT and Crofer 22 
H (compare Figures 22 and 23). The lower Cr vaporization rate for the steels are associated 
with the formation of a (Cr,Mn)3O4 top-layer, lowering the activity of Cr at the surface. 
However, due to differences in microstructure and surface roughness between the thermally 
grown oxide scales and the dense Cr2O3 sample, a direct comparison between the rate values 
should be made with great care. Nevertheless, by calculating the activation energy value for Cr 
vaporization from the measurements on the pure Cr2O3 sample, a value of 85 kJ mol-1 was 
obtained. This value is very close (within the error of the measurement) to the value 
theoretically calculated by Panas et al. (83 kJ mol-1) [104]. Furthermore, it is also close to the 
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values obtained from the two uncoated steels Sanergy HT and Crofer 22 H (~90 kJ mol-1) in 
the previous section, and also from Co- and Ce/Co-coated Sanergy HT (~100 kJ mol-1), shown 
in section 5.2.2. It might therefore be speculated that the vaporization mechanism is the same, 
irrespective if Cr is volatilized from pure Cr2O3, uncoated steels that are forming a (Cr,Mn)3O4 
top-layer, or Co- and Ce/Co-coated steels forming a Co-spinel top-layer. 

 

Figure 23: Left graph: rate of Cr vaporization from the pure Cr2O3 sample at 850, 750, and 650 °C in air 
containing 3% H2O (6000 sml min-1). Right graph: The Cr vaporization rate values from the left graph displayed 
in an Arrhenius plot. 

5.2 Thin-Film Co- and Ce/Co-coatings at 650-850 °C 
In order to mitigate Cr vaporization, ferritic stainless steels can be coated with thin metallic Co-
coatings (coatings to reduce Cr vaporization were discussed in Section 3.2). Thin metallic Co-
coatings have been shown to mitigate Cr vaporization for more than 3000 h at 850 °C [27]. As 
the Co-coated steel is heated in air, Co is rapidly oxidized into a dual layered Co-oxide 
consisting of a Co3O4 top-layer and a layer of (Co,Fe)3O4 underneath [27]. With time these two 
layers are homogenised at 850 °C [26, 27]. Furthermore, due to outward diffusion of Mn from 
the steel, the Co-oxide will be enriched in Mn and thus converted into a layer of (Co,Fe,Mn)3O4 
at 850 °C [26, 27]. If the steel is coated first with a 10 nm layer of Ce, and subsequently with 
Co, the formation of a (Co,Fe)3O4 layer is prevented [26, 32]. As a consequence, the Co-coating 
is only oxidized into a layer of Co3O4 initially. As for the exclusively Co-coated material, the 
Co-oxide on the Ce/Co-coated material is enriched with Mn with prolonged exposure time at 
850 °C, and thus transformed into a (Co,Mn)3O4 top-layer [26, 32]. The reason for addition of 
the Ce-coating is not to prevent the formation of the (Co,Fe)3O4 layer. Ce is added in order to 
improve the oxidation resistance of the interconnect material. The possibility to improve the 
oxidation resistance by adding a 10 nm layer of the reactive element Ce between the steel and 
the Co-coating has been shown in earlier works at 850 °C [26, 105] (see section 3.3).  

5.2.1 The effect of Co- and Ce/Co-coatings on the electrical resistance at 850 °C 
The two main reasons to improve the oxidation resistance of the interconnect material are (1) 
to avoid breakaway corrosion, or spallation due to a thick oxide scale, and (2) decrease the 
electrical scale resistance caused by a growing Cr2O3 scale. To prove that the improved 
oxidation resistance due to the Ce-coating also reduces the electrical resistance of the growing 
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oxide scale, Area Specific Resistance (ASR) measurements were carried out on uncoated, 640 
nm Co-coated, and 10 nm Ce + 640 nm Co coated Sanergy HT samples exposed for 1000, 2000, 
and 3000 h in air at 850 °C. The mass gain values (see Paper II) confirmed that the addition of 
a thin layer of Ce significantly improves the oxidation resistance. From the SEM cross section 
images in Figure 24, it can be seen that the improved oxidation resistance is correlated with the 
significantly thinner Cr2O3 scales formed on the Ce/Co-coated material compared to the 
exclusively Co-coated material. Moreover, by only coating the steel with Co no noticeable 
decrease in Cr2O3 scale thickness could be observed, since both uncoated and Co-coated 
Sanergy HT had formed comparable Cr2O3 scales after 1000, 2000, and 3000 h. 

 

Figure 24: SEM (Backscattered) cross section images of the Sanergy HT samples exposed for 1000, 2000, and 
3000 h at 850 °C, used for ASR measurements in Figure 25. 

The ASR measurements in Figure 25 prove that the additional layer of 10 nm Ce not only 
decreases the oxidation rate, but that this decrease in oxidation rate also leads to a lower ASR. 
Even after 3000 h at 850 °C the ASR for the Ce/Co-coated material is low.  
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Figure 25: ASR values of pre-exposed samples at 850 °C in air. Uncoated (grey squares), Co-coated (black 
squares) and Ce/Co-coated (red dots). The error bars refer to the fluctuation of the ASR during the measurement.  

 
What is interesting to note is that the ASR for the Ce/Co-coated material is 3.5 times lower than 
the ASR for the exclusively Co-coated material after 3000 h of exposure, whereas the difference 
in Cr2O3 scale thickness is only a factor of 2-2.5. Both materials form very conductive Co-
spinel top-layers; (Co,Mn,Fe)3O4 and (Co,Mn)3O4 for the Co- and the Ce/Co-coated materials, 
respectively. These spinel layers are not contributing to the ASR according to the results in 
section 5.2.2. The main reason for the lower ASR for the Ce/Co-coated material is therefore 
assumed to be due to the thinner Cr2O3 scale. Furthermore, Grolig et al. [105] conducted a 
similar long-term ASR study at 850 °C on Co- and Ce/Co-coated Sanergy HT. In that study the 
ASR was measured in another, but similar, setup. Similar ASR values were measured and the 
same observation could be made; that the difference in ASR is larger than the difference in 
Cr2O3 scale thickness, when comparing the Ce/Co-coated with the exclusively Co-coated 
material. It can therefore be speculated that the Cr2O3 scale formed on the Ce/Co-coated 
material is more conductive than the Cr2O3 scale formed on the exclusively Co-coated material. 
In fact, Nagai et al. [60] showed that small amounts (up to 0.5% wt.) of the two reactive element 
oxides La2O3 and Y2O3 increased the electrical conductivity of Cr2O3, especially in the lower 
temperature regime (500-1000 °C). More detailed knowledge regarding the thermally grown 
Cr2O3 scales in combination with further ASR measurements would, however, be necessary in 
order to draw conclusions regarding possible differences in Cr2O3 scale conductivity.  
 
Moreover, by comparing the ASR for the exclusively Co-coated material to the ASR for the 
uncoated material, it can be seen that the increase in ASR with exposure time is almost identical 
for both materials. Since both materials had formed equally thick Cr2O3 scales after 1000, 2000, 
and 3000 h, this observation agrees well with the assumption that the Cr2O3 scale thickness is 
the dominant factor for the ASR. Moreover, since the increase in ASR as a function of Cr2O3 
scale thickness is similar for the uncoated and the Co-coated materials, it can be assumed that 
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these Cr2O3 scales have the same electrical conductivity, in contrast to the earlier speculations 
regarding the Ce/Co-coated and the exclusively Co-coated material. The only difference 
between the uncoated and the Co-coated material is that the ASR is approximately 20 mΩcm2 
higher for the uncoated material, at all three exposure durations. Since no clear difference in 
Cr2O3 scale thickness can be seen, it can be speculated that this extra 20 mΩcm2 is correlated 
with the moderately conductive (Cr,Mn)3O4 top-layer [16, 106, 107], formed at the surface on 
the uncoated material. In fact, this layer is formed within the first 1000 h and is not expected to 
grow thicker with prolonged exposure time [27, 66]. This would explain why the ASR is 
constantly 20mΩ cm2 higher at all three exposure durations. The results from this study show 
that comparing only Cr2O3 scale thicknesses can be misleading, and for this reason it is crucial 
to complement the oxidation studies with actual ASR measurements, especially when different 
materials are compared with each other.  

 

5.2.2 Co- and Ce/Co-coatings for Intermediate Temperature SOFCs (650 and 750 °C) 
Due to the weak temperature dependency for Cr vaporization, even a 200 °C decrease in 
operating temperature will only reduce Cr vaporization by a factor of ~5 for the uncoated steel 
(Figure 15). Coatings that mitigate Cr vaporization are therefore necessary to ensure stable, 
long-term performance in a SOFC stack, even if the operating temperature is decreased to 
temperatures as low as 650 °C. As was discussed in 5.2, earlier studies have shown that thin 
metallic Co-coatings are able to mitigate Cr vaporization at 850 °C for more than 3000 h [27], 
and if the additional Ce-layer is present (Ce/Co-coatings), reduced oxide scale growth and 
substantially lower ASR is observed (see section 5.2.1 and [26, 81, 105]). However, when thin 
metallic Co- and Ce/Co-conversion coatings are utilized it is assumed that these coatings 
transform into a highly conductive (Co,Mn)3O4-layer during exposure, due to outward diffusion 
of Mn from the steel, which was observed in all the previously cited studies. These studies were, 
however, carried out at 850 °C and as the temperature is reduced the kinetics are slower and, as 
a consequence, a change in microstructure and chemical composition is expected. In fact, the 
Cr vaporization rate for the uncoated material (section 5.1) did not show Arrhenius-type 
temperature dependence for the isothermally exposed samples. This was correlated to a change 
in surface microstructure and possibly also a change in chemical composition of the surface 
oxide as the temperature was reduced. The aim of this work was therefore to investigate metallic 
640 nm Co and 10 nm Ce + 640 nm Co coated Sanergy HT at 650 and 750 °C with regard to 
Cr vaporization, oxide scale growth, microstructural and chemical evolution, and the effect 
these factors have on the electrical resistance of the oxide scale. 

 

The effect of decreased temperature on the Co-spinel layer: 
 
Co-coatings: 
As the metallic Co-coating is heated in air to 650-850 °C the metallic Co-coating is rapidly 
converted into Co-spinel. For the steels coated exclusively with Co, the Co-coating is oxidized 
into a dual-layered Co-oxide consisting of an almost pure Co3O4 top-layer and a Fe-rich 
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(Co,Fe)3O4 layer underneath (Figures 26 and 27). The mechanism behind the formation of such 
a dual-layered Co-oxide for the exclusively Co-coated material is discussed in more detail in 
Paper IV. The formation of a dual-layered Co-spinel, consisting of the two layers Co3O4 and 
(Co,Fe)3O4, takes place during the initial oxidation phase i.e. as the metallic Co-coating is 
converted into Co-oxide, and is observed at 650, 750, and 850 °C. However, within 3300 h at 
750 °C (Figure 27), and already within 168 h at 850 °C [27], Fe will be homogenously 
distributed throughout the Co-spinel. In contrast, at 650 °C the dual-layered structure, which is 
observed after 1 h at 850 °C [27], is still observed after 3300 h at 650 °C (Figures 26 and 27). 

 

 
Figure 26: STEM/EDX line scan along the oxide layer of Co-coated Sanergy HT exposed for 3300 h at 650 °C 
in air containing 3% H2O with a flow rate set to 6000 sml min-1. 

The other important factor, which is largely influenced by temperature, is outward diffusion of 
Mn from the steel into the oxidized Co-coating. At 650 °C only 2-3 cation % Mn could be 
detected in the Co-spinel after 3300 h (Figure 26) for the Co-coated material. Instead of 
diffusing out into the Co-spinel layer, Mn-enrichment was found at the metal-oxide interface, 
forming a layer of (Cr,Mn)3O4, that should be the stable phase at 650 °C in a low pO2 
environment, according to Jung [96]. This is most clearly visible in the STEM/EDX line scan 
from Figure 4b in Paper III. It can also be seen in the EDX maps (Figure 27), however, as the 
Kα value for Cr is close to that of Mn, a certain degree of overlap is expected in the EDX maps. 
This may be the reason for the Mn signal within the Cr2O3 scale. Nevertheless, since Mn is 
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indeed diffusing out to the Co-spinel, it must diffuse through the Cr2O3 scale. A certain amount 
of Mn is therefore expected to be found within the Cr2O3 scale, as can be seen in the 
STEM/EDX line scan above (Figure 26). Nevertheless, what can clearly be seen from the EDX 
maps is that as the temperature is increased by 100 °C, to 750 °C, much more Mn is incorporated 
into the Co-spinel compared to the amount incorporated at 650 °C (see EDX maps in Figure 
27). These results can be compared to two TEM studies conducted at 850 °C for Sanergy HT 
coated with 640 nm Co [26, 27]. In these two studies the Mn concentration in the Co-spinel 
increased from ~15 to 26 cation % between 168 and 3000 h. A schematic drawing illustrating 
the effect the temperature has on the chemical composition of the Co-spinel layer(s), based on 
the results in this thesis and from [26, 27], is shown in Figure 28. 

 

 
Figure 27: SEM images of Broad Ion Beam (BIB) milled cross-sections and their corresponding EDX maps for 
Co- and Ce/Co-coated Sanergy HT exposed for 500 and 3300 h at 650, and 750 °C in air containing 3% H2O using 
a flow rate of 6000 sml min-1. The Ce content was too low and the resolution of SEM/EDX analysis is inferior to 
the size of the Ce-rich particles/layer. Thus mapping Ce was not possible.  
 
Ce/Co-coatings: 
By adding an additional layer of 10 nm Ce between the steel and the Co-coating, the formation 
of a dual-layered Co-spinel, consisting of the two layers Co3O4 and (Co,Fe)3O4, is prevented. 
The metallic Co-coating is instead only converted into a single layer of Co3O4 (Figure 27). Due 
to the lack of Fe, the Co-spinel layer formed on the Ce/Co-material is somewhat thinner than 
the Co-spinel layer formed on the exclusively Co-coated material. At 750 °C (Figure 27) and 
at 850 °C [26], the Co3O4 layer is transformed into (Co,Mn)3O4 due to outward diffusion of Mn 
from the steel. At 650 °C, however, Mn is mainly present at the metal-oxide interface, as is the 
case for the exclusively Co-coated material (Figure 27). Both the effect of temperature and the 
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effect of an additional Ce-layer on the chemical composition of the Co-spinel layer is shown in 
Figure 28 as a simplified schematic drawing. 

 
Figure 28: Schematic drawing illustrating the effect of temperature and the presence of a Ce-layer on the oxide 
scales formed on thin-film Co- and Ce/Co-coated materials at 650-850 °C. The drawing is based on the results in 
this thesis and from [26, 27]. 

 
Cr vaporization measurements: 
As Figure 28 illustrates, the chemical composition of the Co-spinel top-layer is influenced by 
both temperature and the presence and absence, respectively, of a Ce-coating between the steel 
and the Co-coating. This variation in chemical composition of the Co-spinel did not have a 
noticeable effect on Cr vaporization (Figure 29). Both Co- and Ce/Co-coated Sanergy HT are 
able to effectively mitigate Cr vaporization at 650 and 750 °C, despite the difference in chemical 
composition of the Co-spinel top-layer. It can therefore be concluded that Cr vaporization is 
effectively mitigated from Co-coated steels, regardless of whether Mn and Fe are present in the 
Co-spinel top-layer or not. 
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Figure 29: Cr vaporization rate at (a) 650 °C and (b) 750 °C for uncoated (red dots), Co-coated (black triangles), 
and Ce/Co-coated (grey squares) Sanergy HT exposed for up to 3300 h in air containing 3% H2O with a flow rate 
of 6000 sml min-1.  

Furthermore, isothermal Cr vaporization measurements from Co- and Ce/Co-coated Sanergy 
HT followed Arrhenius-type temperature dependence at 650-850 °C (see Paper III (Figure 3)). 
Activation energies of 92 and 107 kJ mol-1 for Cr vaporization from Co- and Ce/Co-coated 
Sanergy HT were calculated. These values can be compared to the 91 kJ mol-1 that was the 
calculated activation energy value for the uncoated Sanergy HT material in section 5.1.5. All 
three values (uncoated, Co-coated, and Ce/Co-coated) are very close to the 85 kJ mol-1 
measured from pure Cr2O3 (see section 5.1.6), as well as the 83 kJ mol-1 theoretically calculated 
by Panas et al. [104]. As was discussed already in section 5.1.6, it can be speculated that the Cr 
vaporization mechanism is the same, irrespective of whether chromium is vaporized from 
Cr2O3, uncoated Sanergy HT, or Co- respective Ce/Co-coated Sanergy HT. 

 
Cr2O3 scale growth – the effect of temperature: 
The main advantage of a decreased SOFC operating temperature, with respect to the 
interconnect, is most probably the substantially slower oxide scale growth rate of the 
moderately conductive chromia scale. As was shown in Section 5.1 the oxide scale growth is 
largely affected by the temperature. Substantially thinner Cr2O3 scales are formed by decreasing 
the operating temperature from 850 °C to 750 °C (compare Figures 24 and 27). However, both 
for the Co- and the Ce/Co-coated materials the Cr2O3 scales formed after 3300 h at 750 °C are 
still in the µm-range (Figure 27). By decreasing the temperature even further, down to 650 °C, 
the Cr2O3 scale growth rate is reduced to such an extent that the thermally grown Cr2O3 scales 
are less than one micrometre thick, even after 3300 h. In fact, after the initial oxidation phase, 
i.e. as the metallic Co-coating is converted into Co-spinel, almost no further gain in mass can 
be observed at 650 °C (Figure 30a), indicating that no substantial growth of the Cr2O3 scale 
took place after the first hours of exposure. Evidence for this can be seen in Figure 27, where 
no significant difference in thickness of the Cr-rich oxide scale can be seen between 500-3300 
h.  
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Figure 30: Mass gain values at (a) 650 °C and (b) 750 °C for uncoated (red dots), Co-coated (black triangles), and 
Ce/Co-coated (grey squares) Sanergy HT exposed for up to 3300 h in air containing 3% H2O with a flow rate of 
6000 sml min-1. Both isothermal (500 h) and discontinuous (3300 h) exposures are shown. 
 
Cr2O3 scale growth – the effect of Ce: 
 
At 650 °C: 
Although the average chromia scale thickness was even thinner for the Ce/Co-coated material 
compared to the exclusively Co-coated material at 650 °C, both materials had developed very 
thin chromia scales. Furthermore, since the chromia scales formed on both the Co- the Ce/Co-
coated materials grow extremely slowly at 650 °C it can be questioned whether the additional 
Ce-layer has any beneficial effect if the SOFC stack is operating at 650 °C. Nevertheless, a 
thermal gradient of 50-100 °C is very common in a stack and an increase of 50-100 °C locally 
would have a rather significant effect on the thickness of the chromia scale, as can be seen from 
Figure 27. For this reason, adding the extra Ce-layer should still be of advantage for the long-
term performance, even if the stack is designed to operate at temperatures as low as 650 °C. 

At 750 °C: 
At 750 °C a significant improvement in oxidation resistance is observed for the Ce/Co-coated 
material compared to the exclusively Co-coated material (Figures 27 and 30). Between 500-
3300 h the Cr2O3 scale thickness increased by almost 2 µm for the Co-coated material, whereas 
for the Ce/Co-coated material the Cr2O3-scale thickness only increased by 1 µm (Figure 27). It 
is well-known that reactive elements such as Ce, La, Hf, Zr, and Y can improve the oxidation 
resistance at high temperatures, however, the exact mechanisms behind the observed reactive 
element effect are still under debate [31]. As was discussed in Section 3.3, the most widespread 
theory for chromia scale growth is based on the assumption that the dominating growth 
mechanism is chromium outward diffusion. In the case a reactive element has been added to 
the alloy, or as a coating, the reactive element may segregate at the Cr2O3 scale grain 
boundaries, blocking outward diffusion of chromium ions. This has been shown by Cotell et al. 
[77] using 18O-tracer experiments and TEM analysis on yttrium (Y) ion-implanted pure 
chromium. In that study, the rate of chromium outward diffusion was reduced to such an extent 
that the smaller flux of oxygen inward diffusion became the dominant mechanism for scale 
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growth. This not only reduces oxide scale growth but also results in better scale adhesion, since 
a reduced outward flux of Cr ions corresponds to a reduced inward flux of metal vacancies. 
This in turn reduces the amount of voids at the metal-oxide interface. Figure 31 shows SEM 
cross-section images for both the Co- and the Ce/Co-coated material after 500 h and 3300 h at 
750 °C.  
 

 
Figure 31: SEM images of Broad Ion Beam (BIB) milled cross-sections for Co- and Ce/Co-coated Sanergy HT 
exposed for 500 and 3300 h at 750 °C in air containing 3% H2O using a flow rate of 6000 sml min-1.  

From these images it can be seen that almost no voids exist at the metal-oxide interface for the 
samples coated with Ce/Co, whereas for the samples only coated with Co some voids can be 
seen at the metal-oxide interface. Furthermore, by comparing the 500 h sample with the 3300 
h sample, for the exclusively Co-coated material, it seems as if more, and larger, voids are 
created with prolonged exposure time. This would support the above mentioned theory, that 
outward diffusion of Cr is reduced as an effect of the Ce-layer. Furthermore, in Figure 31 (see 
also Figures 33 and 34) a bright layer at the (Co,Mn)3O4-Cr2O3 interface can be seen for the 
Ce/Co-coated material after 500 h. This layer is assumed to be a layer of Ce-oxide, and is 
therefore not seen for the exclusively Co-coated material. Such a layer was also seen for the 
Ce/Co-coated material at 650 °C (Figures 33 and 34). The fact that the Cr2O3 scale is located 
below this bright layer could be argued to be proof that the chromia scale mainly grows by 
inward oxygen diffusion. Nevertheless, with continued exposure time (after 3300 h) this layer 
disappears at 750 °C (not at 650 °C). Instead bright particles are seen at the (Co,Mn)3O4-Cr2O3 
interface, and within the (Co,Mn)3O4 layer (Figure 31). Furthermore, in a TEM study by 
Canovic et al. [26] such bright particles were identified as Ce-oxide. In that study these particles 
were found in the middle of the (Co,Mn)3O4 layer after 168 h at 850 °C. It is therefore assumed 
that Ce migrates towards the surface, and can thus not be used as a marker in order to determine 
the oxide scale growth direction. In fact, it has previously been shown that reactive elements, 
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as oxygen active elements, diffuse outwards towards the gas-oxide interface during exposure 
[30]. Due to the low solubility of reactive elements in the oxide scale, these are assumed to 
diffuse along the grain boundaries. The location for the bright particles, which are assumed to 
be Ce-oxide particles, observed after 500 h and 3300 h in Figure 31, may initially have been 
voids, and as Ce is diffusing outwards, along the grain boundaries, Ce might accumulate within 
these voids forming Ce-oxide particles. Nevertheless, in order to prove that the beneficial effect 
of the Ce-coating is attributed to Ce in the Cr2O3 grain boundaries, and thereby impeding 
outward diffusion of chromium, Ce needs to be detected within the Cr2O3 grain boundaries. As 
Sattari et al. [88] studied 10 nm Ce-coated Sanergy HT that was exposed at 850 °C, utilizing 
TEM/EELS, Ce was found both as Ce-oxide particles at the surface of the oxide scale and 
segregated at the grain boundaries of the (Cr,Mn)3O4 top-layer in the vicinity of the oxide-gas 
interface. Despite the dedicated analysis, no Ce was detected within the Cr2O3 scale, which is 
hard to reconcile with the theory discussed above. Whether this is the case for the Ce/Co-coated 
samples in the present study is currently unknown. In order to gain deeper knowledge of what 
is causing the superior oxidation resistance of the Ce/Co-coated material compared to the 
exclusively Co-coated material at 750 °C, this needs to be investigated further in a future study.  

 
Area Specific Resistance (ASR) measurements: 

ASR at 650 ˚C: 
The electrical resistance of a semiconductive oxide scale increases with decreasing temperature. 
Common activation energy values for electrical conductivity of pure Cr2O3 and thermally 
grown oxide scales formed on Cr2O3-forming alloys lies in the span 20-80 kJ mol-1 [81, 108-
110]. In section 5.1.5 an activation energy of approximately 270 kJ mol-1 was calculated for 
oxide scale growth on Sanergy HT and Crofer 22 H in air. Other researchers have found similar 
activation energy values for oxide scale growth on Cr2O3-forming alloys in air [97, 100, 102]. 
Despite the semiconductive properties of the oxide scale, a decrease in operating temperature 
will therefore most probably lead to a lower electrical resistance of the thermally grown oxide 
scale, at least after longer exposure durations. This is, however, not the case for the oxidized 
Co-coating, since no substantial effect of the Co-oxide thickness can be expected with 
decreased temperature. The chromia scales formed on the Co- and Ce/Co-coated materials after 
500 h at 650 °C in this work are only a hundred to a few hundred nanometres thick whereas the 
Co-oxide thickness is around 1.5-2 µm. It can therefore be speculated that the contribution of 
the Co-spinel coating to the total ASR is greater at lower temperatures compared to at 850 °C, 
where the Cr2O3 scale may be equally thick, or even thicker, than the Co-spinel top-layer (see 
Figure 34c and f). Furthermore, as was shown above, very little Mn was found in the Co-spinel 
at 650 °C, irrespective of whether the steel is coated exclusively with Co or with Ce/Co. Petric 
and Ling [16] have measured the electrical conductivity for MnCo2O4, Co3O4, and CoFe2O4 at 
800 °C. According to their measurements, the electrical conductivity of Co3O4 (6.7 S/cm) is 
almost one order of magnitude lower than the electrical conductivity of MnCo2O4 (60 S/cm). 
Furthermore, for the exclusively Co-coated material, the metallic Co-coating is converted into 
a Co3O4 top-layer and a layer of Fe-rich (Co,Fe)3O4 underneath. Since the measured electrical 
conductivity of CoFe2O4 (0.93 S/cm) is almost seven times lower than the electrical 
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conductivity of Co3O4 according to the measurements by Petric and Ling [16], a substantial 
difference in ASR should be noticed between the Co- and Ce/Co-coated material if the Co-
spinel is contributing to the total ASR of the coated material. ASR measurements in Figure 32, 
from Co- and Ce/Co-coated Sanergy HT after 500 h at 650 °C, do indeed show a somewhat 
lower ASR for the Ce/Co-coated material compared to the exclusively Co-coated material. 
However, the Ce/Co-coated material had also formed an even thinner chromia scale, which may 
very well be the main reason for the somewhat lower ASR measured on the Ce/Co-coated 
material. Since both the Co- and the Ce/Co-coated samples showed very low ASR values after 
500 h at 650 °C (4-8 mΩcm2, see Figure 32), it can be concluded that the electrical resistance 
caused by the Co-oxide is very low and that a low Mn- and high Fe-content in the Co-oxide not 
is an issue. As long as the Co-coating is thin, a growing chromia scale would be the main 
contributor to an increase in electrical resistance.  

 
Figure 32: ASR measurements carried out on Co-coated (black triangles) and Ce/Co-coated (red squares) Sanergy 
HT exposed isothermally for 500 h in air containing 3% H2O before Pt-electrodes were contacted and ASR was 
measured. In (a) ASR was measured at the corresponding exposure temperature (650, 750 or 850 °C), and in (b), 
the ASR was measured at 650 °C for the very same samples as in (a). 

 

A comparison between Ce/Co-coated Sanergy HT and Ce/Co-coated AISI 441 at 650 °C: 
At lower temperatures custom-made steels for SOFC, such as Sanergy HT, may not be 
necessary, and instead already existing steel grades can be used that cost significantly less. The 
steel grade AISI 441 has been considered as a possible candidate as an interconnect steel for 
SOFCs. AISI 441 coated with 20 nm Ce + 600 nm Co was exposed for 500 h at 650 °C in air 
containing 3%H2O (6000 sml min-1). Cr vaporization was measured during the isothermal 
exposure and ASR was measured on the 500 h exposed samples. The results compared to the 
results previously presented for the Ce/Co-coated Sanergy HT steel are shown in Figure 33. It 
can be concluded that both steels, when coated with a Ce/Co-coating, mitigate Cr species 
vaporization, form very thin chromia scales, and as a consequence show low ASR values at 650 
°C (Figure 33). The steel AISI 441 could therefore be considered as a promising candidate for 
SOFCs intended to operate at lower temperatures.  
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Figure 33: SEM images of Broad Ion Beam (BIB) milled cross-sections for Ce/Co-coated AISI 441, and Ce/Co-
coated Sanergy HT exposed for 500 at 650 °C in air containing 3% H2O using a flow rate of 6000 sml min-1. The 
corresponding Cr vaporization measurements (left) and ASR measurements (right) are shown below the two SEM 
images. Cr vaporization was measured during the 500 h isothermal exposure, whereas the ASR was measured after 
the 500 h exposure. 
 

ASR at 750 °C: 
As the ASR measurements at 650 °C in Figure 32 proved, the electrical resistance of the Co-
spinel top-layer (for a 640 nm Co-coatings) is not contributing to a high ASR and can more or 
less be neglected. What cannot be neglected is a growing Cr2O3 layer, which has a significant 
effect on the ASR as was seen in the previous section, as well as by other authors [105, 111]. 
In the present study ASR measurements were carried out after 500 h of exposure. Both the Co- 
and Ce/Co-coated samples showed rather thin Cr2O3 scales (< 1 µm) after 500 h at 750 °C, and, 
consequently, no clear difference in ASR was measured between the two materials. However, 
the long-term ASR measurements at 850 °C in section 5.2.1 clearly shows that the ASR is 
increasing with increasing Cr2O3 scale thickness and it can therefore be assumed that the 
observed slower Cr2O3 scale growth rate for the Ce/Co-coated material at 750 °C, over the long-
term, will significantly reduce electrical scale resistance compared to the exclusively Co-coated 
material.  
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5.2.3 The importance of measuring ASR at the desired operating temperature 
Solid Oxide Fuel Cells are expected to show stable performance for a minimum period of 
40 000 h (~5 years), and therefore a somewhat increased temperature is a frequently used 
method to gain valuable long-term data within a practical timeframe. However, as corrosion 
studies are carried out in combination with ASR measurements, ASR measurements are 
commonly conducted at the same temperature as the exposure temperature. In Figure 32a it 
could be seen that the ASR (at 850 °C) is somewhat lower for the Ce/Co-coated material after 
500 h at 850 °C, compared to the exclusively Co-coated material. However, since the difference 
is only a few mΩcm2, it can be assumed that these two materials show comparable ASR after 
500 h at 850 °C, although the Cr2O3 scale was almost 1 µm thinner for the Ce/Co-coated 
material (Figure 34). As the ASR was measured on the same samples at 650 °C (after cooling 
down from 850 °C), both materials showed substantially higher ASR values, as expected due 
to the semiconductive properties of the oxide scale (compare Figure 32a with 33b). However, 
what seemed to be a rather small difference at 850 °C (~5 mΩcm2 difference), is actually a 
substantial difference at 650 °C (~40 mΩcm2 difference). It is therefore crucial to actually 
measure the ASR at the intended SOFC operating temperature, even if the corrosion studies are 
carried out at a somewhat higher temperature. Moreover, these chromia scales formed on the 
Co- and Ce/Co-coated materials after 500 h at 850 °C were 2-4 µm thick (Figure 34), which is 
the reason for the high ASR values at 650 °C. Such thick chromia scales are not expected to 
form at temperatures as low as 650 °C (Figures 34 and 27). In the present study, however, 
coatings were applied by Physical Vapour Deposition (PVD). Application of (Co,Mn)3O4-
coatings, in the form of a powder is another common method used to produce coated 
interconnects for SOFCs. In order to densify the (Co,Mn)3O4-powder, the coated interconnect 
is subjected to a heat treatment, and as a consequence µm thick Cr2O3 scales may be formed 
due to the heat treatment [18, 112, 113]. If the desired operating temperature is high e.g. 850 °C, 
the formation of a thick Cr2O3 scale during the heat treatment would not have a significant 
effect on the electrical scale resistance. However, if the stack is designed to operate at a 
temperature as low as 650 °C the heat treatment may have a significant effect on the electrical 
scale resistance. Therefore, metallic conversion coatings, as well as coatings deposited with 
other techniques that do not require a heat treatment, such as plasma spraying etc., seem to be 
the most suitable coating techniques for interconnects intended to be used in stacks designed to 
operate in the 600-700 °C temperature range.  
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Figure 34: SEM images of Broad Ion Beam (BIB) milled cross-sections showing the oxide scales of the materials 
used for ASR measurements in Figure 32. Images a-c show the oxide scales for the Co-coated material after 500 
h at 650, 750, and 850 °C, and d-f show the oxide scales for the Ce/Co-coated material after 500 h at 650, 750, 
and 850 °C.  

 

5.2.4 The effect of Co-coating thickness at 650 °C 
In this work thin-film Co- and Ce/Co-coatings that were applied by Physical Vapour Deposition 
(PVD) have been studied. However, other techniques such as electroplating [25, 75, 114] and 
sol-gel deposition [83, 115] etc. can also be utilized to deposit metallic Co (or Co-alloy) 
conversion coatings. The thickness of the electroplated Co-coating in the cited study by Harthoj 
et al. [25], was ~2 µm, and other researchers have studied metallic Co-coatings having a Co-
coating thickness of up to 40 µm [28, 75]. A thick Co-spinel layer is not expected to contribute 
to the ASR to any noticeable extent at high temperatures (~800 °C), since the substantially less 
conductive chromia scale grows rapidly to become several µm thick. However, as the SOFC 
operating temperature decreases, and as a consequence the thickness of the Cr2O3 scale is 
reduced significantly (Figure 34), the contribution of the oxidized Co-coating to the total 
electrical resistance of the oxide scale may be more relevant. Especially when considering that 
virtually no Mn is incorporated into the Co-oxide at 650 °C (see Section 5.2.2), which clearly 
should have a negative effect on the electrical conductivity of the Co-spinel according to Petric 
and Ling [16]. 

ASR measurements on Sanergy HT uncoated and coated with 200, 600, 1000, and 1500 nm Co, 
measured after 168 and 500 h at 650 °C in air, shows that with increasing Co-coating thickness 
the ASR also increases (Figure 35). 
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Figure 35: Area Specific Resistance (ASR), as a function of Co-coating thickness on Sanergy HT, measured in 
air at 650 °C, after isothermal exposures at 650 °C in air for 168 h (red triangles) and 500 h (black circles). 

 

All Co-coated samples had formed a dual layered Co-oxide after 500 h at 650 °C, consisting of 
an outer Co3O4-layer and an inner Fe-rich (Co,Fe)3O4-layer (Figure 36). With increasing Co-
coating thickness, a clear increase in the thickness of the (Co,Fe)3O4-layer can be seen, whereas 
the thickness of the Co3O4 top-layer is almost unaffected by the thickness of the Co-coating. 
Furthermore, for the 1500 nm Co-coated material a layer of almost pure Fe-oxide was also 
found between the (Co,Fe)3O4-layer and the thermally grown (Cr,Fe)2O3 scale. However, not 
only an increase in the Co-oxide thickness can be seen as an effect of increased Co-coating 
thickness. The thickness of the thermally grown (Cr,Fe)2O3 scales at the metal-oxide interface 
also substantially increased with increased Co-coating thickness. The increase in (Cr,Fe)2O3 
scale thickness is thus assumed to be the real cause for the increase in ASR as a function of Co-
coating thickness seen in Figure 35, and not the thicker layer of Co-oxide.  
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Figure 36: SEM images of Broad Ion Beam (BIB) milled cross-sections and their corresponding EDX maps of 
Sanergy HT coated with (a) 600 nm Co, (b) 1000 nm Co, and (c) 1500 nm Co after 500 h at 650 °C in air.  

In Section 5.2.2 it was shown that at 650 °C only a very limited gain in mass, and thus also only 
a very limited growth of the chromia scale, is expected after the first hours of exposure for ~600 
nm Co-coated Sanergy HT. Those results agree well with the mass gain data in this study, 
showing a very limited change in mass between 4-500 h for the 600 nm Co-coated Sanergy HT 
material at 650 °C (Figure 37). The assumption that the chromia scale was formed within the 
first hours of exposure, and from there onwards the thickness of the chromia scale remained 
more or less unchanged agrees very well with the ASR measurements, since no difference in 
ASR can be seen between the samples exposed for 168 and 500 h.  
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Figure 37: Mass gain values for uncoated (black circles), 200 (grey circles), 600 (black squares), 1000 (grey 
squares), and 1500 nm (black triangles) Co-coated Sanergy HT isothermally exposed for 0.1, 1, 4, 168 and 500 h 
in air at 650 °C. The error bars represent the maximum and minimum mass gain. 

This observation is not only true for the 600 nm Co-coated material, but for all materials coated 
with ≤ 1000 nm Co. After the first 4 hours of exposure the mass remained almost unchanged, 
and no increase in ASR could be seen from 168 to 500 h of exposure. Nevertheless, a clear 
increase in ASR as a function of Co-coating thickness is still observed for the samples coated 
with up to ≤ 1000 nm Co, both after 168 and after 500 h of exposure (Figure 35). Since no 
increase in either mass or ASR is observed with continued exposure time for these materials (≤ 
1000 nm Co) at 650 °C it can be assumed that the oxide scale that is causing the ASR was 
formed during the initial oxidation phase (see paper IV for a more detailed investigation of the 
initial oxidation phase). The mechanism is assumed to be the same for all Co-coating 
thicknesses. The only difference for the thinner Co-coatings is that a protective chromia scale 
is established faster, and as a consequence thinner chromia scales are formed for these materials. 
It can therefore be speculated that the metallic Co-coating has a negative effect on the formation 
of a protective chromia scale. In the study by Harthoj et al. [25], no obvious negative effect of 
the 2 µm “thick” Co-coating was noticed, although the thickness of that coating was even 
thicker than the thickest Co-coating in the present study (1500 nm). The substrate steel 
investigated by Harthoj et al. [25] was not Sanergy HT. Instead the steel Crofer 22 APU was 
coated with ~2 µm Co in that study. However, an effect of the substrate material can be excluded 
since the Crofer 22 APU steel was also coated with 1500 nm Co, and no difference in ASR or 
oxide scale microstructure was seen between Sanergy HT and Crofer 22 APU, as these two 
steels were coated with 1500 nm Co and exposed for 168 h at 650 °C (see Paper IV). 
Furthermore, since the Co-oxide layer in the study by Harthoj et al. [25] contained Fe, it can be 
assumed that this material also initially formed a dual layered Co-oxide consisting of a Co3O4 
top-layer and a layer of (Co,Fe)3O4 underneath, and thus the same mechanism initially took 
place also for the 2 µm Co-coated Crofer 22 APU material at 800 °C. The main difference 
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between the present study and the study by Harthoj et el. [25] is the substantially higher 
exposure temperature in [25]. At 800 °C the kinetics are faster, and as a consequence Cr is 
supplied faster to the metal-oxide interface, enabling the formation of a protective chromia 
scale. As Young et al. [116] exposed uncoated Crofer 22 APU in an Ar-4%H2-20%H2O 
environment at 500-900 °C, low mass gains and thin oxide scales were formed at 800 °C on the 
Crofer 22 APU steel. As the temperature was decreased to 700 °C even lower mass gains were 
recorded, as expected. However, as the temperature was reduced even further, to 550-650 °C, 
a significant increase in mass gain and oxide scale thickness was observed for the Crofer 22 
APU steel in the Ar-4%H2-20%H2O environment. Due to the reduced temperature less Cr was 
supplied to the steel-oxide interface, and as a consequence a passivating chromia scale was not 
able to form at 550-650 °C on the Crofer 22 APU steel in the H2/H2O atmosphere. Due to the 
very low mass gains for the uncoated Sanergy HT steel at 650 °C in air (Figure 37), it can be 
concluded that this material has the potential to form a passivating chromia scale at 650 °C in 
air. However, as Figure 36 shows, the presence of a metallic Co-coating clearly supresses the 
formation of a protective chromia scale at 650 °C. Furthermore, since no noticeable difference 
in chromia scale thickness was observed between the uncoated and the 2 µm thick Co-coated 
Crofer 22 APU material after 3000 h at 800 °C in the study by Harthoj et al. [25] it can be 
assumed that the lower temperature, which leads to slower supply of Cr, is the main cause of 
the accelerated corrosion as an effect of the Co-coating thickness seen in the present study. 
From Section 5.2.2, and earlier published works [26, 32, 105], it has been shown that by adding 
a 10 nm Ce layer between the metallic Co-coating and the steel substrate, virtually no Fe is 
found in the Co-oxide after exposure at 650-850 °C. This suggests that a Cr- and Fe-rich oxide 
scale, which is formed initially for the exclusively Co-coated material (see Figure 5 in Paper 
IV), was not initially formed for the Ce/Co-coated samples. This might be correlated to the 
reactive element effect (see Section 3.3). However, it might also be correlated to the presence 
of a layer between the metallic Co-coating and the steel, separating them from each other. To 
prevent metal-metal contact between the steel and the metallic Co-coating, without the 
influence of a reactive element coating, uncoated Sanergy HT was pre-oxidized in air at 900 °C 
for 3 minutes and subsequently coated with metallic Co. Based on mass gain the oxide scale 
separating the coating from the steel was only ~40 nm thick. Figure 38 shows a comparison 
between the regular (metal-metal contact) 1500 nm Co-coated Sanergy HT material and the 
pre-oxidized 1500 nm Co-coated Sanergy HT material, after 168 h at 650 °C.  
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Figure 38: SEM images of Broad Ion Beam (BIB) milled cross-sections of (a) Sanergy HT coated with 1500 nm 
Co and (b) Sanergy HT pre-oxidized (3 min at 900 °C) and subsequently coated with 1500 nm Co after 168 h at 
650 °C in air. 

A significant effect of the pre-oxidation step can be seen. For the pre-oxidized material only a 
very thin (~100 nm) and homogenous layer, which is assumed to be Cr2O3, was formed at the 
metal-oxide interface, compared to a substantially thicker and less homogenous layer formed 
on the sample that was not pre-oxidized before the Co-coating was deposited on the steel 
surface. The microstructure observed for the pre-oxidized material is very similar to the 
microstructure seen for the Ce/Co-coated Sanergy HT steel at 650 °C in section 5.2.2. This 
indicates that the metal-metal contact between the steel and the Co-coating is supressing the 
formation of a protective chromia scale. The metal-metal contact between the steel and Co-
coating might lead to dissolution of Co into the steel at the steel-coating interface. This would 
locally lower the Cr activity of the steel. Moreover, solution of Co into the steel might also 
affect diffusion of Cr in the steel, or/and the nucleation process for Cr2O3, and thus delay the 
formation of a continuous protective chromia scale. More analyses are needed, however, in 
order to draw any further conclusion regarding the mechanism behind the detrimental effect of 
the metallic Co-coating at 650 °C. Nevertheless, the significantly thinner chromia scales formed 
on the pre-oxidized samples had a substantial effect on the ASR (Figure 39). Both the 200 and 
1500 nm pre-oxidized and subsequently Co-coated materials showed ASR values around 5 
mΩcm2 after 168 h at 650 °C, which is almost a factor three lower than for the regular 1500 nm 
Co-coated Sanergy HT material after the same exposure duration. Furthermore, since no 
difference in ASR can be seen between the two pre-oxidized materials coated with 200 and 
1500 nm Co, it can be concluded that the thickness of the Co3O4 layer can in principle be 
neglected, and thus the chromia scale thickness is the parameter responsible for the ASR, even 
at 650 °C.  
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Figure 39: Area Specific Resistance (ASR) measured in air at 650 °C, as a function of Co-coating thickness 
after 168 h at 650 °C for Sanergy HT and pre-oxidized Sanergy HT.  

Nevertheless, for all materials not being pre-oxidized before the coating was deposited on the 
steel, a layer of (Co,Fe)3O4 was formed. According to Petric and Ling [16] the electrical 
conductivity of CoFe2O4 is seven times lower than the electrical conductivity of Co3O4 in air at 
800 °C. Whether a thicker (Co,Fe)3O4-layer may have a noticeable effect on the ASR or not 
could not be determined in this study, since a thicker (Co,Fe)3O4 layer is correlated with a 
thicker (Cr,Fe)2O3 scale. Nevertheless, for the 1500 nm Co-coated material the (Co,Fe)3O4 
thickness is almost 3 µm after 168 h, but the ASR is only 10-15 mΩcm2. It can therefore be 
assumed that this layer won’t have a significant effect on the ASR. In fact, it is rather 
unexpected that the ASR for the 1500 nm Co-coated material is as low as 10-15 mΩcm2 after 
168 h at 650 ˚C, since the (Cr,Fe)2O3 scale on average is 1-2 µm thick (Figure 40). This is 
assumed to be correlated to the large variation in (Cr,Fe)2O3 scale thickness along the metal-
oxide interface. Repeatedly along the metal-oxide interface, areas where the (Cr,Fe)2O3 scale is 
thinner than 1 µm can be observed after 168 h for the 1500 nm Co-coated material (Figure 40). 
These thinner areas may be the reason for the still relatively low electrical resistance. Linder et 
al. [111] have studied the increase in ASR caused by a growing chromia scale on metallic 
interconnects. They showed that typical morphologies favour nonhomogeneous electrical 
current distributions, where the main current flows over rather few “bridges”, i.e. local spots 
with relatively thin oxide scales. With prolonged exposure time, however, the (Cr,Fe)2O3 layer 
on the 1500 nm Co-coated material in this work continued to grow thicker, and consequently 
the thickness of these “bridges” increased. This is assumed to be the main reason for the 
significant increase in ASR between 168 to 500 h (from ≤ 15 mΩcm2 to ~40 mΩcm2) for the 
1500 nm Co-coated material. 
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Figure 40: SEM images of Broad Ion Beam (BIB) milled cross-sections of Sanergy HT coated with 1500 nm Co 
after 168 h (upper image) and 500 h (lower image) at 650 ˚C in air. 
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5.3 Mechanical deformation of pre-coated interconnects 

5.3.1 Self-healing mechanism of pre-coated and mechanically deformed steels 
Development of coatings that mitigate Cr vaporization in order to eliminate cathode poisoning 
is crucial to prolonging the lifetime, and to increase the efficiency, of the SOFC. However, at 
the same time production costs have to be lowered in order to make the SOFC technology 
economically attractive. Coated interconnects are a component in the SOFC stack with the 
potential for significant cost reduction [117]. Today most coated interconnect materials are 
manufactured in two separate steps: (1) pressing the uncoated steel into an interconnect shape 
(to allow for gas distribution) and (2) coating the deformed steel plate (post-coating). Pre-
coating large volumes of steel, which in a later stage are pressed into interconnects, would allow 
for much more efficient large scale production, and lower overall costs as a consequence. 
However, as the pre-coated steel is mechanically deformed, cracks within the coating may be 
formed.  
 
Co-coated Crofer 22 APU:   
Figure 41 shows the ferritic stainless steel Crofer 22 APU, pre-coated with 600 nm Co and then 
pressed into a real interconnect (Topsoe Fuel Cell design). 
 

 

Figure 41. SEM images from different areas along the surface of the pre-coated material after being pressed into 
a real interconnect.  
 
As the 600 nm Co-coated steel is pressed into a interconnect shape, cracks are formed. 
However, as Figure 41 shows, the extent of deformation largely varies over the interconnect 
surface. For instance, in Area C, where tensile straining took place, the surface if full of cracks, 
whereas on the opposite side of the interconnect (Area A), where the coating has been subjected 
to compressive stress, no cracks were formed. Since Area C is the area most affected by the 
mechanical deformation process, all images shown hereinafter will be from Area C. To 
investigate the effect of crack formation on high temperature oxidation and Cr vaporization the 
following four materials were studied: (1) uncoated and undeformed, (2) Co-coated and 
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undeformed, (3) deformed and subsequently Co-coated (post-coated) and (4) pre-coated with 
Co and then subsequently deformed. All Co-coated materials show similar mass gain behaviour 
(Figure 42). This indicates that there is no major effect on the oxidation resistance of the coated 
steel due to the mechanical deformation process (at least not during the first 336 h of exposure).  
 

 
Figure 42: Mass gain as a function of time at 850 °C in air-3% H2O (6000 sml min-1). Uncoated undeformed (grey 
squares), coated undeformed (black squares), post-coated (black dots), and pre-coated (black triangles). 
 
Cr vaporization is significantly reduced by coating the Crofer 22 APU steel with 600 nm Co 
(Figure 43). This is in agreement with earlier published data on Cr vaporization for ~600 nm 
Co-coated Sanergy HT and AISI 441 [27, 32]. The results also clearly show that pre-coating 
the steel and subsequently pressing it into the interconnect shape does not cause a noticeable 
increase in Cr vaporization, despite all the cracks formed within the Co-coating (Figure 43).  
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Figure 43: Accumulated Cr vaporization as a function of time at 850 °C in air-3% H2O (6000 sml min-1). Uncoated 
undeformed (grey squares), Coated undeformed (black squares), Post-coated (black dots), and Pre-coated (black 
triangles). 
 
The reason there was no noticeable difference in Cr vaporization between the post and the pre-
coated materials is that the cracks self-heal during exposure (Figure 44). During the initial 
oxidation phase Co is rapidly oxidized into Co-spinel. This takes less than 6 min at 850 °C [27] 
and is associated with a volume expansion (approximately twice the volume). This volume 
expansion may have closed some of the smaller cracks, however, most of the cracks remain 
after the Co-coating has been oxidized (see Figure 44 after 6 minutes).  

 



70 
 

 
Figure 44: SEM top-view images and EDX elemental maps for the mechanically deformed Crofer 22 APU + 600 
nm Co (pre-coated) after 0.1-336 h of exposure at 850 °C in air containing 3% H2O (6000 sml min-1). 

After 8 h of exposure (Figure 44) the cracked areas are enriched in Mn, which suggests the 
formation of a (Cr,Mn)3O4 top-layer, as was observed by Sachitanand et al. [66] for uncoated 
Crofer APU exposed in the same environment. With prolonged exposure time (24 h) a more 
homogenously distributed Cr, Mn and Co EDX signal is observed. The cracked areas remain 
rich in Mn after 24 h, however, Co can partly be found within the cracked areas after 24 h. EDX 
mapping of a thin TEM-lamella from the sample exposed for 24 h (Figure 45) shows that the 
whole surface, including the cracked area, is covered with Co-oxide after only 24 h.  
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Figure 45: SEM image and EDX elemental maps of a thin lamella cut out by FIB milling from the mechanically 
deformed Crofer 22 APU + 600 nm Co (pre-coated) sample after 24 h of exposure at 850 °C in air containing 3% 
H2O (6000 sml min-1). 

The fact that a large fraction of the surface within the cracked area is covered with a thin Co-
rich oxide already after 24 h explains why no increase in Cr vaporization is observed. Taking a 
closer look into the cracked area, a clear difference in morphology between the Co-oxide within 
the cracked area and the rest of the Co-oxide can be observed. The Co-oxide in the non-cracked 
area is approximately 1-2 µm thick and contains large pores. The formation of rather large pores 
in thin metallic Co-coatings after oxidation of the Co-coating has also been observed earlier on 
non-deformed Co-coated materials [27]. In contrast, the Co-oxide within the cracked area did 
not contain pores and is enriched in Mn. The Co- and Mn-rich oxide within the cracked area 
consists of a very thin continuous layer and a few large cubic crystals. It is suggested that the 
thin continuous layer of Co-oxide in the cracked area was originally a thin (Cr,Mn)3O4 top-
layer formed in the absence of a Co-coating. This thin (Cr,Mn)3O4-layer is then transformed 
into a (Cr,Mn,Co)3O4 top-layer with low Cr content by the interdiffusion and/or surface 
diffusion of Co from the oxidised Co-coating in the non-cracked area. The large cubic 
(Co,Mn)3O4-crystals, on the other hand, probably grew on the surface (within the cracked area) 
due to the diffusion of Co along the surface (by means of surface and/or solid state 
interdiffusion) and the outward diffusion of Mn from the steel. After prolonged exposure no 
signs of cracks can be seen. Instead the surface oxide is homogenously rich in both Co and Mn 
(Figures 44 and 46). It can therefore be concluded that the reason no noticeable increase in Cr 
vaporization is observed for the pre-coated material, despite the large amounts of cracks within 
the Co-coating, is due to the rapid diffusion of Co from the Co-oxide into the cracked area 
during exposure. A simplified schematic drawing describing the proposed self-healing 
mechanisms based on the findings from this study is shown in Figure 47. 
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Figure 46: SEM image and EDX elemental maps of a cross section of the mechanically deformed Crofer 22 APU 
+ 600 nm Co (pre-coated) sample after 336 h of exposure at 850 °C in air containing 3% H2O (6000 sml min-1). 

 
Figure 47: Simplified schematic drawing of the self-healing mechanism, based to the results from this section. 

 

Ce/Co-coated Crofer 22 APU:  
The beneficial effect of a 10 nm Ce-coating has already been discussed in Sections 3.3 and 5.2. 
A similar improvement in oxidation resistance is observed as a 10 nm Ce-layer is added to the 
600 nm Co-coated Crofer 22 APU material (Figure 48a), as to Co-coated Sanergy HT and AISI 
441 [26, 32, 81, 105]. Furthermore, the addition of a thin Ce-layer between the steel and the 
Co-coating does not affecting the self-healing ability of the Co-coating (Figure 48b). 
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Figure 48: Mass gain (a) as a function of time at 850 °C in air-3% H2O (6000 sml min-1) shown in Figure 42 
including the pre-coated Ce/Co-coated material (red dots). Uncoated undeformed (grey squares), coated 
undeformed (black squares), post-coated (black dots), and pre-coated (black triangles). In (b) Accumulated Cr 
vaporization as a function of time at 850 °C in air-3% H2O (6000 sml min-1) from Figure 43 is shown, including 
the Ce/Co-coated material (red dots).  
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5.3.2 The effect of deformation method 
 

Ce/Co-coated AISI 441:   
The shape of the interconnect is something that is unique for each SOFC manufacturer. In order 
to be able to study the possibility of the coated interconnect to heal upon exposure, 
independently of the manufacturers specific interconnect design, the effect of the deformation 
method was studied in this work. The ferritic stainless steel AISI 441 was coated with Ce and 
Co, and the pre-coated steels were then mechanically deformed by uniaxial and biaxial tensile 
straining and by pressing the pre-coated material into real interconnects. As references, coated 
but not mechanically deformed, as well as the uncoated steel, were studied. The same 
interconnect shape was utilized for this study as in Section 5.3.1. (Topsoe design). Table 2 
shows the five different materials investigated.  
 

Table 2. Materials investigated. The materials that were subjected to uniaxial and biaxial tensile straining were 
strained until rupture, which for this material was 30% for uniaxial and 13% for biaxial tensile straining. 

 Substrate Coating Deformation 
Uncoated AISI 441  Interconnect shape 

Ce/Co Flat AISI 441 30 nm Ce + 600 nm Co  
Ce/Co IC AISI 441 30 nm Ce + 600 nm Co Interconnect shape 

Ce/Co Biax AISI 441 30 nm Ce + 600 nm Co 13% Biaxial 
Ce/Co Uniax AISI 441 30 nm Ce + 600 nm Co 30% Uniaxial 

 

All mechanical deformation methods induced large cracks within the Ce/Co-coating (Figure 
49). Differences in size and shape of the cracks can be seen, however, for the different 
deformation methods. The largest cracks were formed in the material that was pressed into a 
real interconnect. Nevertheless, the image in Figure 49, showing the material pressed into a real 
interconnect, only corresponds to the area that is most severely affected by the deformation 
(Area C in Figure 41) and is therefore not representative for the entire surface of the sample. 
Straining the coated material biaxially created cracks along two axes, similar to the cracks seen 
in Area C (see Figures 41 and 49) for the pre-coated material pressed into an interconnect. By 
straining the coated material uniaxially, cracks along only one axis are observed, similar to Area 
B in Figure 41. In contrast to the images for the material pressed into a real interconnect, the 
images for the biaxially and uniaxially strained materials represent the whole sample surface.  
 

Figure 49: SEM images of the four Ce/Co-coated materials before exposure. 
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The observed difference in size, direction and amount of cracks, as an effect of different 
deformation methods, did not however have an effect on Cr vaporization (Figure 50). All 4 
coated materials substantially lowered the amount of vaporized Cr compared to the uncoated 
material. As is the case for the Co- and Ce/Co-coated Crofer 22 APU materials (Section 5.3.1), 
the Ce/Co-coating on the ASIS 441 steel is able to heal upon exposure. It can therefore be 
concluded that more generic deformation methods, such as uniaxial and biaxial tensile straining, 
can be used to study the ability of the coating to heal upon exposure. Furthermore, this work 
also proves that the ability of thin Co- and Ce/Co-coatings to heal upon exposure is not limited 
to the Crofer 22 APU substrate material. 
 

 
Figure 50: Accumulated Cr vaporization as a function of time at 850 °C in air-3% H2O (6000 sml min-1). 
Uncoated (black squares), Coated undeformed (red squares), pre-coated and pressed into a real interconnect 
(grey squares), pre-coated and uniaxially strained (grey triangles), and pre-coated and biaxially strained (grey 
circles).  
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5.4 Determining oxide scale growth mechanism by the use of 18O-tracer 
experiments 

Two-stage, 18O2 and 16O2, experiments, in combination with analytical methods such as 
Secondary Ion Mass Spectrometry (SIMS), have been used for decades in high temperature 
corrosion studies, with the aim to investigate the effect that alloying elements, secondary 
phases, surface treatments, and coatings have on the growth mechanism of thermally grown 
oxide scales [33, 69, 77, 118]. Traditionally, in two-stage 18/16O2-tracer experiments, one would 
use SIMS depth profiling to study the oxide growth mechanism. However, SIMS depth 
profiling results are not entirely unambiguous due to the limited lateral resolution, often in the 
micron range or in best cases a few hundreds of nanometres. Rough surface topography and 
thickness variation of the oxide scale over the analysed volume adds to the ambiguity of the 
results. The aim of this work has therefore been to develop a method eliminating these obstacles 
associated with conventional SIMS sputter depth profiles.  
 

5.4.1 SIMS-sputter depth profiles versus nanoSIMS mapping 
A model alloy consisting of Fe and 20wt% Cr was exposed for a total time of 168 h at 850 °C. 
During the first 48 h (1st stage) the sample was exposed in an 18O-rich environment (Ar-20% 
18O2 containing ~1% H2

18O). After 48 h in the 18O-rich environment the exposure atmosphere 
was switched, and during the remaining 120 h (2nd stage) the sample was exposed in a 16O-rich 
environment (Ar-20% 16O2 containing ~1% H2

16O). For a more detailed description of the setup 
and experiment, see Paper VII. After the 168 h two-stage exposure, a chromia scale with a 
thickness of 1-2 µm had been formed on the surface of the model alloy (Figure 51). 
  

 
Figure 51: STEM image of the Cr2O3 scale formed on the Fe20Cr alloy after 168 h (48 h in Ar-20% 18O2 containing 
~1% H2

18O + 120 h in Ar-20% 16O2 containing ~1% H2
16O) at 850 °C. 

 
At the metal-oxide interface the grain size is very fine, whereas the grains formed at the gas-
oxide interface are significantly larger (up to 1 µm in size).  
 
From the TOF-SIMS sputter depth profiles (Figure 52) it can be seen that the oxide scale formed 
during the second stage (16O) is located at the surface of the chromia scale and is levelling off 
towards the metal-oxide interface. This type of curve could be associated with inward lattice 
diffusion by means of oxygen ions [119]. However, since no clear border between the steel and 
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the oxide scale is observed (see total oxygen signal), the decrease in 16O concentration towards 
the metal-oxide interface is an artefact caused by the large variation in oxide scale thickness. 
Moreover, the maximum concentration of 18O (the oxide from stage 1) is at the same depth as 
where the total oxygen signal is starting to level off, which indicates that the oxide formed 
during the first stage (18O) has its maximum concentration near the metal-oxide interface. With 
these considerations, the results from the TOF-SIMS sputter depth profile suggest that the oxide 
formed during the second stage (48-168 h) is formed at the gas-oxide interface, and thus the 
dominating mechanisms for chromia scale growth on the Fe20Cr model alloy, between 48 and 
168 h, is by means of outward chromium diffusion.  
 
 

 
Figure 52: TOF-SIMS depth profiles of the Fe20Cr model alloy exposed for 168 h (48 h in Ar-20% 18O2 containing 
~1% H2

18O + 120 h in Ar-20% 16O2 containing ~1% H2
16O) at 850 °C. 

 
The purpose of this study, however, was to eliminate issues such as rough surface topography 
and variations in oxide scale thickness. This was successfully done by mapping 16O and 18O on 
the TEM lamella, utilizing nanoSIMS, which has a spatial resolution of approx. 50 nm (see 
Figure 53). 
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Figure 53: 16O and 18O nanoSIMS maps from the TEM lamella shown in Figure 51 that was prepared from the 
Fe20Cr model alloy exposed for 168 h (48 h in Ar-20% 18O2 containing ~1% H2

18O + 120 h in Ar-20% 16O2 
containing ~1% H2

16O) at 850 °C.  
 
By comparing the TOF-SIMS sputter depth profiles (Figure 52) with the nanoSIMS maps 
(Figure 53), it can be concluded that substantially more information can be gained from the 
nanoSIMS maps. From the 16O and 18O maps it can clearly be seen that the oxide scale, formed 
during the second stage (16O) is formed at the gas-oxide interface, whereas the oxide, formed 
during the first stage (18O) is located beneath. Furthermore, a clear border between the oxide 
layers formed during stage 1 and stage 2 can be seen (very little interdiffusion, see line scans in 
Paper VII; Figure 6). The 16O and 18O maps also show that the oxide formed during the second 
stage (16O) is growing preferentially in certain areas. In some areas of the oxide scale, almost 
no increase in oxide scale thickness took place during the 120 h that the sample was exposed to 
a 16O-rich atmosphere (2nd stage), whereas in other areas, large 16O-rich grains formed during 
the same time interval. Such strong local variation of oxide scale growth (individual grains 
grow differently) is not possible to see in the TOF-SIMS sputter depth profiles and would 
actually contribute to an even larger 16O/18O overlap. From these results it can be concluded 
that when preparing a cross-section (in this study it was a TEM lamella) of the exposed sample, 
and then mapping the area with high resolution nanoSIMS, much more detailed and reliable 
data can be provided. 
 
Ce-coated Fe-20Cr Alloy: 
In sections 5.2 and 5.3 it was shown that the addition of a 10 nm Ce-coating between the steel 
and the Co-coating substantially improved the oxidation resistance of the ferritic stainless steels 
investigated at 650-850 °C. In order to gain further knowledge regarding the superior oxidation 
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resistance of the materials coated with Ce, the Fe20Cr model alloy was coated with 10 nm Ce 
(after the surface had been ground and polished). Both the uncoated sample and the Ce-coated 
sample were exposed simultaneously in the two-stage exposure that was previously described. 
After 168 h at 850 °C no obvious difference in thickness of the thermally grown chromia scales 
can be observed between the uncoated and the Ce-coated samples (Figure 54). A second 
exposure, where the two materials were exposed for 500 h, did however indicate that the Ce-
coating has a beneficial effect on the oxidation resistance, also for the model alloy. After 500 h 
the mass gain was lower for the Ce-coated material than for the uncoated material. Moreover, 
parts of the oxide scale had spalled off from the uncoated material, whereas no signs of oxide 
scale spallation could be seen on the Ce-coated sample. TEM and nanoSIMS on these samples 
are planned to be carried out in the future, however, at the moment only mass gains and visual 
inspection are available from these 500 h samples. 
 

 

Figure 54: STEM images of the oxide scales formed on the uncoated and the 10 nm Ce-coated Fe20Cr alloy after 
168 h (48 h in Ar-20% 18O2 containing ~1% H2

18O + 120 h in Ar-20% 16O2 containing ~1% H2
16O) at 850 °C. For 

the Ce-coated sample EELS analyses were performed in order locate the Ce (see Ce, Fe, and Cr elemental maps 
in the selected area). 
 
Nevertheless, when comparing the microstructure of the oxide scales formed after 168 h, a 
rather clear difference in microstructure can be seen between the uncoated and the Ce-coated 
material after 168 h. For the uncoated sample a smooth metal-oxide interface can be seen. This 
is not the case for the Ce-coated sample, where it can instead be seen that the metal-oxide 
interface is rather rough. The rougher metal-oxide interface for the Ce-coated sample would 
explain the better scale adhesion for the coated sample, and thus why no signs of oxide scale 
spallation were seen on the Ce-coated sample after 500 h, whereas parts of the oxide scale 
indeed did spall off from the uncoated sample after 500 h. Furthermore, at the surface of the 
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oxide scale even more localized crystal growth seems to have taken place on the Ce-coated 
material compared to the uncoated material. 

In fact the 16O and 18O nanoSIMS maps indicate that even more localised oxide scale growth 
took place for the Ce-coated sample (Figure 56). In certain areas apparently no new oxide (16O) 
had been formed during the second exposure stage (48-168 h). Another difference between the 
uncoated and the Ce-coated sample is that for the Ce-coated sample some areas at the metal-
oxide interface are rich in 16O (2nd stage), indicating that some of the oxide, formed during the 
second stage, was formed by means of oxygen inward diffusion. Nevertheless, the great 
majority of the oxide, formed during the second stage, was formed at the gas-oxide interface, 
and not at the metal-oxide interface, which indicates that also the thermally grown chromia 
scale that grew on the Ce-coated sample predominantly grows by means of outward chromium 
diffusion. From these results a change in growth direction, from predominantly outwards 
growth by means of chromium ions, to predominantly inwards growth by means of oxygen 
ions, as an effect of the Ce-coating, cannot be concluded. At least not during the studied time 
interval. 

 

Figure 55: 16O and 18O nanoSIMS maps from the TEM lamella shown in Figure 54 that was prepared from the 
Ce-coated Fe20Cr model alloy exposed for 168 h (48 h in Ar-20% 18O2 containing ~1% H2

18O + 120 h in Ar-20% 
16O2 containing ~1% H2

16O) at 850 °C. 
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Moreover, further proof for the assumption that most of the oxide scale did grow by means of 
chromium outwards diffusion is the EELS analysis in Figure 54, where it can be seen that Ce 
is located near the metal-oxide interface. In Section 5.2.2 it was argued that Ce can’t be used as 
inert markers in order to prove that the oxide scale is growing predominantly by means of 
oxygen inward diffusion [30]. Ce is, however, not expected to migrate towards the metal. The 
fact that Ce is located near the metal-oxide interface therefore supports the nanoSIMS results 
in Figure 56 showing that the oxide scale was primarily growing by means of outward 
chromium diffusion during the 2nd stage of the exposure. These results contradict the two-stage 
work by Papaiacovou et al. [118] where a change in the Cr2O3-scale growth mechanism, from 
cation to predominantly anion diffusion was reported, as an effect of a 4 nm CeO2-coating on a 
Fe20Cr alloy at 900 °C. The cause for the controversy between the study by Papaiacovou et al. 
[118], and the results presented in this work might be correlated to differences in temperature, 
atmosphere and materials investigated. It is therefore crucial to conduct more research in this 
field. What is clear from both the study by Papaiacovou et al. [118] and the results in this thesis, 
is that a thin layer of Ce-oxide substantially improves the oxidation resistance of Cr2O3-
formation alloys.  
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6. Summary  
In this thesis uncoated, Co-, and Ce/Co- thin-film coated ferritic stainless steels were studied in a 
cathode simulated environment with the focus on the two degradation mechanisms, oxide scale 
growth and Cr (VI) species volatilization, which are associated with the use of ferritic stainless 
steels as interconnect material in SOFCs. In particular the effect of temperature in the 
technologically relevant temperature range (650-850 °C) was studied with focus on Cr 
vaporization, oxide scale growth, microstructural and chemical evolution of the oxide scales, 
as well as the effect these factors have on the electrical resistance of the oxide scale. The Cr 
vaporization measurements showed that volatilization of Cr(VI) species has a weak temperature 
dependency, and thus substantial amounts of Cr are volatilized even at 650 °C. In order to 
guarantee stable long-term performance, high quality coatings that mitigate Cr volatilization 
are recommended, even in the 600-700 °C temperature range. By coating the steel with thin-
film metallic Co- and Ce/Co-coatings, Cr vaporization is effectively mitigated for more than 
3000 h at 650-850 °C. Oxide scale growth, on the other hand, is strongly influenced by 
temperature (three times higher activation energy compared to Cr vaporization). For this reason, 
a significant reduction in chromia scale thickness was observed as an effect of decreased 
temperature. Also the oxidized Co-coating was affected by a temperature decrease. As the 
metallic Co-coating is heated in air, the metallic Co-layer is converted into a dual layered oxide 
consisting of a Co3O4 top-layer and a (Co,Fe)3O4-layer underneath. The formation of the 
(Co,Fe)3O4-layer can be prevented by the presence of a Ce-coating between the steel and the 
metallic Co-coating, or by pre-oxidising the steel before deposition the Co-coating. With 
prolonged exposure time, at 750 and 850 °C, Mn from the steel is diffusing out into the Co-
spinel layer(s) and thus transforming the oxidized Co-coating into a highly conductive 
(Co,Mn)3O4 top-layer. Furthermore, at 750 and 850 °C the two Co-spinel layers, Co3O4 and 
(Co,Fe)3O4, are also homogenised with prolonged exposure time. At 650 °C, in contrast, almost 
no Mn had diffused out into the Co-spinel after 3300 h, and the dual layered Co-oxide (Co3O4 
and (Co,Fe)3O4) could still be observed. The change in chemical composition of the Co-spinel 
did not however affect the ASR. It was shown that the contribution of the Co-spinel to the total 
ASR can be neglected, since the electrical conductivity of chromia is substantially lower than 
that of all the relevant Co-spinels formed as top-layers at 650-850 °C. Moreover, despite the 
semiconductive properties of the oxide scale, a decrease in temperature had a beneficial effect 
on the ASR. The reason for this is the much higher activation energy for oxide scale growth 
compared to the activation energy for electrical conduction in chromia. Nevertheless, to ensure 
a low ASR at 600-700 °C it is advised to use coating methods that do not require an additional 
heat treatment in order to densify the deposited coating, since such a heat treatment may lead 
to thick chromia scales. Furthermore, as long as the metallic Co-coating is thin, a low ASR can 
be expected at 650 °C. However, if the metallic Co-coating exceeds 1 µm the formation of a 
thick Cr- and Fe-rich oxide scale during the initial oxidation phase may lead to a high ASR at 
650 °C. The formation of a thick Cr- and Fe-rich oxide scale during the initial oxidation phase 
is associated with the metal-metal contact between the steel and the Co-coating, and can be 
avoided by the application of a blocking layer (e.g. pre-oxidation or a Ce-coating) between the 
steel and the metallic Co-coating. In this work it was shown that a layer of Ce clearly improved 
the oxidation resistance at all studied temperatures (650-850 °C). At 750 and 850 °C the 
improved oxidation resistance was mainly attributed to the reactive element effect, whereas the 
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main benefit of a Ce-coating at 650 °C is as a blocking layer, separating the metallic Co-coating 
from the steel substrate.  

Moreover, to reduce the costs of coated interconnects it is important to choose a coating method 
that allows for high volume production. Thin-film metallic Co- and Ce/Co-coatings can be 
applied in a roll-to-roll process using physical vapour deposition. The pre-coated steel coil can 
then be pressed into thousands of coated interconnects, which would allow for efficient large-
scale production and lower overall costs. However, as the thin-film pre-coated Co- and Ce/Co-
coated steels are pressed into the interconnect shape, large cracks were formed within the 
coating. However, the results showed that these cracks can heal upon exposure and form a 
continuous surface oxide rich in Co and Mn. As an effect of the rapid healing, no increase in 
Cr vaporization was measured for the pre-coated and mechanically deformed materials 
compared to the undeformed coated reference materials.  
 
Furthermore, in this work a two-stage 18/16O-tracer exposure setup was used, and a new method 
to analyse the 18/16O-tracer experiments was developed. By mapping 18O and 16O on a cross-
section of the oxide scale using high resolution nanoSIMS much more detailed and reliable 
information could be achieved compared to conventional SIMS sputter depth profiles. The 
results from the two-stage exposures at 850 °C showed that the dominating growth mechanism 
for chromia scale growth was by means of chromium outwards diffusion, both for the uncoated 
and the Ce-coated Fe-20Cr alloy. 
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7. Outlook 
Although many of the original questions have been answered in this thesis, each answer always 
leads to new questions. All exposures in this thesis have been carried out under oxidising 
conditions (cathode atmosphere), and both sides of the sample coupons have been exposed in 
the same environment. In an SOFC stack, one side of the interconnect material is exposed to 
the cathode side, whereas the other side is exposed to the anode (fuel) side (dual atmosphere). 
Within the last decade several studies have been published showing that exposure under dual 
atmosphere conditions can lead to increased corrosion at the cathode side. It would therefore 
be both relevant and highly interesting to investigate the effect of dual atmosphere conditions 
on these Co- and Ce/Co-coated materials (Co-coating only on the cathode side). Another topic 
that is relevant in order to gain knowledge with respect to real SOFC conditions is the effect of 
the electrode material. In this work, platinum was used as electrode material. The aim with the 
ASR measurements was to measure the electrical resistance of the oxide scale, and not the 
cathode-interconnect interaction. As a second step the interaction between the oxidized Co-
coating and actual cathode material, such as LSM and LSCF, would be of great interest and 
should be carried out in a future study. Furthermore, in this work Co- and Ce/Co-coated ferritic 
stainless steels were investigated on a component level. Due to the complexity of real SOFC 
stacks, such tests are, and will always be, of great importance. As a comparison it would be 
interesting to conduct real stack tests, and compare the results from these tests with the 
component level exposures from this thesis.  

Finally, the results in in this thesis have shown that the addition of a thin Ce-layer between the 
steel substrate and the Co-coating substantially improves the oxidation resistance at 650-850 
°C. The exact mechanisms behind the improved oxidation resistance with reactive elements are 
still under debate, and much research is still lacking regarding the Ce/Co-coatings. This is a 
very interesting field that needs to be further explored. Dedicated TEM/EELS analysis needs to 
be carried out in order to locate the Ce (is Ce present in the chromia grain boundaries or is Ce 
located within the grain boundaries of the spinel top-layer, as was the case in the study Sattari 
et al. [88]). Furthermore, these analyses need to be done with respect to exposure duration, since 
Ce might migrate towards the surface. By combining dedicated microscopy with the results 
from the new 18O-tracer experiment method a more fundamental understanding can be achieved 
of how the oxide scale growth mechanism is influenced by the Ce-coating. 
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