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ABSTRACT 

Lawrence, Samantha K. Ph.D. Purdue University, May 2015. Assessing Coupled 
Mechanical Behavior and Environmental Degradation at Submicron Scales. Major 
Professor: David Bahr. 

Mechanical and electromechanical properties, deformation and fracture 

mechanisms, and environmental resistance of materials at submicron scales have been 

investigated through the combination of nanomechanical testing, high resolution 

microscopy, diffraction, and electrochemical testing. Nanomechanical techniques were 

used to isolate environmental, orientation, and size effects. Material evaluation focuses 

on metals, both model and engineering alloys, in bulk and thin-film form as well as 

oxide-substrate systems. Yield behavior of Ni 200, a model material, depends on sampled 

volume size, orientation, and surface preparation. Exposure to high-pressure hydrogen 

gas is also found to impact incipient plasticity and mechanical properties of commercially 

pure Ni 201. Nanomechanical testing of oxide-substrate systems can be used to study 

coupling of environment and size effects. Investigation of films grown on 304L stainless 

steel and commercially pure grade II Ti via nanosecond pulsed laser irradiation has 

enabled isolation of film fracture behavior and the effect of processing on mechanical and 

electromechanical properties. Additionally, laser processing causes substrate composition 

gradients that limit environmental stability. Combining techniques provides a unique 

approach for understanding and improving materials reliability in harsh environments.
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CHAPTER 1. INTRODUCTION 

As materials are exposed to harsher environments and tighter tolerances in high-

performance applications, understanding the coupling of mechanical behavior and 

environmental effects is vital for designing alloys and safe-operating systems. 

Mechanical behavior of materials in small, constrained, volumes is often drastically 

different from mechanical behavior of bulk materials. Development of engineering 

applications dependent on length scales from a few nanometers to a few hundred microns 

requires a fundamental understanding of scaling effects on deformation. Due to the 

unique challenges of small-scale materials research in extreme environments, coupled 

development of fundamental modeling with experimental validation provides the most 

effective method for advancing the understanding of mechanisms involved in dislocation 

motion, deformation, and fracture of nanometer-scale materials.  

Robust materials models that span length and time scales require experimental 

validation under equivalent conditions. There is an ongoing debate in literature 

surrounding the idea that “smaller is stronger”; efforts continue to uncouple specimen 

size and sample preparation effects from deformation mechanisms.1–5 The current study 

compares small-scale and bulk-like materials testing in an effort to quantify the impact of 

sample size, surfaces, and environment on deformation and failure of metals and oxide-

metal substrate systems. Mechanical testing data has been coupled with advanced 
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characterization techniques and dislocation theory to identify defects, particularly 

dislocations, grain boundaries, and interfaces. 

The objectives of the doctoral research described herein were threefold: (1) 

demonstrate the ability to quantify relationships between structure and mechanical 

properties in sub-micron volumes of materials, (2) determine the changes in performance 

of engineering alloys when exposed to harsh environmental conditions, (3) predict and 

control the microstructural response of these materials to perform reliably in harsh 

environments. The critical mechanical properties that have been considered in this work 

include the stress required to initiate plasticity and the fracture behavior of oxide films on 

metals.   

The following chapters will discuss work conducted in order to understand 

coupling of sampled volume and material preparation on yield behavior, to develop 

mechanically and environmentally robust oxide coatings on alloy substrates, and to 

interrogate the effect of dissolved hydrogen on mechanical behavior of Ni alloys. 

Chapter 2 will discuss the impact of indenter tip radius and grain orientation on 

measured mechanical properties and yield behavior of a commercially pure model alloy, 

Ni 200. Material testing during this investigation suggested that the condition of the 

indented surface also had a measurable effect on yield. This chapter was originally 

published as a paper in the Journal of Materials Research. 

Three sample preparation techniques were chosen to quantify the effect of 

indented surface condition on mean yield pressure. This investigation, presented in 

Chapter 3, highlights the use of small value statistics in quantifying incipient plasticity in 
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Ni 200. This chapter is an original publication in Metallurgical and Materials 

Transactions A. 

The indention techniques explained in the previous chapters were next applied to 

novel oxide coatings fabricated on stainless steel 304L and commercially pure grade II 

titanium using a nanosecond pulsed laser irradiation technique. Chapter 4 is the inaugural 

investigation of phase, morphology, deformation and fracture behavior, and 

electromechanical properties of oxides grown on CP grade II Ti using techniques such as 

X-ray diffraction, electron mircroscopy, and nanoindentation. The overarching goal of 

these investigations is to determine archivable properties of laser-fabricated films which 

can then be used as passive authentication structures. This work was published in the 

Journal of Materials Science.  

Chapter 5 is a commensurate investigation into the phase, morphology, 

mechanical and electromechanical properties of oxides grown on stainless steel 304L. 

The results suggest that oxides films are mechanically robust and well-adhered to the 

substrate. This work was originally published in Surface and Coatings Technology. 

Laser-fabricated oxide films to be used as passive authentication structures must 

be resistant to environmental degradation, in addition to being mechanically robust. 

Chapter 6 represents the first efforts to determine the environmental resistance of oxides 

on both stainless steel and Ti by testing with respect to the most aggressive anticipated 

service condition. Oxide-substrate systems are exposed to a salt fog atmosphere and are 

anodically polarized in a 3% NaCl solution to achieve this goal. The Ti system is stable 

under all conditions, but the stainless steel system suffers from substrate corrosion in 

specific conditions. This corrosion is ascribed to Cr depletion in the melt zone of the 
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substrate as a result of laser processing. However, certain oxides are protective in 

chloride containing environments. 

Working from the results obtained in the previous chapter, an effort was initiated 

to enhance the corrosion resistance of the stainless steel system. Chapter 7 focuses on the 

development of layered oxide coatings with total thicknesses matching those found to be 

protective in the previous study. The results suggest that processing parameters can be 

tailored to mitigate the effects of chloride attack. 

The remaining chapters address a different, but critical, materials reliability issue: 

hydrogen degradation of metallic systems. Nanoindentation, electron diffraction, and 

atomic force microscopy are initially combined to assess the effect of dissolved hydrogen 

on mechanical behavior of a commercially pure alloy, Ni 201.  Chapter 8 evaluates the 

orientation dependent reduction in measured mechanical properties in terms of the 

hydrogen enhanced decohesion (HEDE) mechanism. 

Conversely, Chapter 9 highlights the importance of the hydrogen enhanced 

localized plasticity (HELP) mechanism in slip transmission across special and random 

grain boundaries in Ni 201. Grain boundary misorientation is found to affect the 

likelihood of slip transmission, which ultimately contributes to the propensity for 

intergranular failure of this Ni alloy. This work was originally published in the Journal of 

Materials.  

Finally, Chapter 10 presents preliminary results of an investigation into the 

importance of vacancy concentration in hydrogen degradation of Ni alloys. This study 

suggests that prior deformation and grain size, which affect free volume, plays a critical 
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role in the generation and agglomeration of vacancies in hydrogen charged Ni. Additional 

work is required to clarify these results. 
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CHAPTER 2. CRYSTALLOGRAPHIC ORIENTATION AND INDENTER RADIUS 
EFFECTS ON THE ONSET OF PLASTICITY DURING NANOINDENTATION 

Previously published by Journal of Materials Research, Volume 27, pages 3058-3065, in 
December 2012 

2.1 Introduction 

Nanoscale instrumented indentation provides the ability to accurately measure 

indentation load and penetration depth and thus extract properties such as elastic modulus, 

hardness, and onset of plasticity, thereby allowing characterization of small-scale 

mechanical behavior.6,7 The onset of plasticity in load-controlled nanoindentation 

experiments of relatively defect-free solids is often associated with a sudden 

displacement burst or “pop-in,” i.e., a sudden increase in penetration depth with no 

corresponding increase in indentation load. Pop-ins have been associated with fracture of 

a surface oxide,8 but in a material relatively free of dislocations, pop-ins are often 

believed to be associated with dislocation nucleation under the indenter, either in a 

homogenous state or from point defects.9–11 The correspondence of pop-in behavior with 

the onset of plasticity is derived from observations that deformation before pop-in is 

purely elastic. The load–displacement curve before pop-in is fully reversible and can be 

generally described by Hertzian contact theory:  

 ,  Equation 2.1
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here R is the indenter radius, E* is the reduced modulus, and h is the indentation contact 

depth. This is only an approximation, and the real tip geometry alters the actual stress 

distribution under the contact surface; to first order, a Hertzian approximation will 

generally underestimate the true maximum shear stress by approximately 30%.12 

Additionally, if the indenter is unloaded before pop-in, atomic force microscopy reveals 

no residual indent; conversely, if unloading occurs after pop-in, a residual impression of 

the indent is observed.10 There are reports from in situ indentations using transmission 

electron microscopy that identified pop-in events after dislocation nucleation,13 which 

matches experimental ex-situ indentation observations of pop-ins occurring after elastic 

loading. While these events can be fit with a Hertzian-type power load, they are not 

purely elastic.14  

There remain significant challenges in directly correlating loading discontinuities 

during the indentation process with homogenous dislocation nucleation. One particular 

difficulty arises from preexisting dislocations. Even in well-annealed metallic single 

crystals, the initial dislocation density may be on the order of 1011 m-2, and with even 

slight deformation due to processing, the surface dislocation density can increase to a 

value beyond 1012 m-2.15 Thus, there is a significant probability that the stress field 

beneath the indenter tip will interact with a preexisting dislocation after only a small 

amount of elastic loading. Other investigators have also suggested that incipient plasticity 

is rate limited by a low-energy process on the scale of a single point defect.16 This could 

even be true in a sample with existing dislocations; if a process such as double kink 

nucleation was the rate-limiting step in generating plastic deformation, assuming that the 

critical double kink width was on the order of the Burgers’ vector, it would be possible to 



8

determine an activation volume on the order of an atomistic volume even in the presence 

of dislocations.  

For the current study, a polycrystalline sample of commercially pure nickel was 

annealed to produce large grains for orientation-specific indentation, and multiple tip 

geometries were used for indentation to investigate the effect of tip radius on deformation. 

Nickel is known to be elastically anisotropic: the elastic modulus ranges from 138 GPa in 

the <001> direction to 215 GPa in the <110> direction and to 262 GPa in the <111> 

direction,17 thus it is a good candidate material for investigating anisotropy in 

deformation. Deformation results are discussed in terms of orientation and size effects, 

with respect to the presence of defects within the material. 

 

2.2 Experimental Procedures 

A sample of nickel 200 (hereafter, Ni200), approximately 13 mm in diameter and 2 

mm thick, was prepared by cutting, rolling to 20% deformation, and annealing to 

generate large (0.5-mm-scale) grains. The maximum allowable impurities for this alloy 

by weight are 0.25% Cu, 0.4% Fe, 0.35% Mn, 0.15% C, 0.35% Si, 0.01% S. The Ni200 

was annealed in air at 1150 °C for 24 h and then air-cooled. It was ground through 1200 

grit SiC, mechanically polished with 3- and 0.5-μm diamond compound, and finally 

polished with 0.02-μm colloidal silica on a vibratory polisher until a clean, flat, mirror 

finish surface suitable for electron back scatter diffraction (EBSD) was achieved. 

Fiduciary marks were then made using Vickers micro-indentations, so as to be able to 

locate grains identified with EBSD when nanoindentation was performed. EBSD data 

were obtained using orientation image microscopy from TSL (TSL/EDAX, Draper, UT), 
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attached to a FEI FEG/SFEG scanning electron microscope (FEI Company, Hillsboro, 

OR). Inverse pole figure (IPF) maps were generated for grains around fiduciary marks, 

and grain orientations were identified. Grains to be indented were selected based on the 

IPFs. A grain oriented at each vertex of the stereographic triangle was selected; two 

additional grains with orientations between the vertices were also selected. The sample 

was electropolished using a solution of 37% H3PO4, 56% glycerol, and 7% H2O, etching 

the top few micrometers of material, thereby effectively removing any residual damage 

layer from mechanical polishing. EBSD was repeated to verify grain orientations. 

Specifically oriented grains were then indented using a Hysitron Triboindenter (Hysitron, 

Inc., Minneapolis, MN) with three tips of varying geometry: Berkovich, conical, and 

cube corner. A series of 25 indents were performed in each grain. A five-segment partial 

unloading load function was used with peak loads ranging from 250 to 7000 μN. All 

indentations were separated by 15 μm to ensure that no previous indentation influenced a 

subsequent indentation. The load–depth curves generated were analyzed to determine 

reduced modulus, hardness, and “pop-in” load and depth as a function of orientation and 

indenter size. 

2.3 Results  

Indentation of uniquely oriented grains reveals a pronounced orientation effect of 

yielding. The orientation effect, however, is somewhat overshadowed by the effect of 

indenter tip radius. Each effect will be addressed separately. The effect of orientation on 

yield point data is obtained by indenting grains with specifically oriented planes, which 

are identified using EBSD. The IPF map obtained from EBSD is shown in Figure 2.1. 

Indented grains are labeled and approximate locations of the specific indents are  
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Figure 2.1  IPF maps generated from EBSD. Indented grains are labeled with their 
orientations. Fiduciary Vickers indents are also labeled. Black circles on the 

stereographic triangle indicate approximate orientation positions. 

Figure 2.2  Examples of load-depth curves showing “pop-ins.” The inset shows an 
expanded view of the region. The curve with a yield point of ~300 μN exhibits an elastic 

unload/reload prior to yield. 
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indicated. For those indents that exhibit a yield point (pop-in) at the onset of plastic 

deformation, the load and depth of yield point initiation are recorded; Figure 2.2 presents 

examples of two pop-in events. To first order, Hertzian contact mechanics 18 was used to 

calculate maximum pressure (p0) at yield knowing that: 

, Equation 2.2  

where δ is the contact depth at the yield point, P is the load at the yield point, a is the 

contact radius, R is the indenter radius, and E* is the reduced modulus. Hertzian 

approximations are only valid for small strain criterion and can underestimate the stress 

field beneath typical nanoindentation tests;12,19 however, since the contact depths at pop-

in for these experiments are less than R/3, the low strain approximation is reasonable for 

the following discussion. For this analysis, the average measured indentation modulus for 

each grain (using a classical Oliver–Pharr approach 7) was used to account for anisotropic 

elastic properties. From Equation 2.2, R is given by:  

.  Equation 2.3 

Since the load and depth at the yield point are used in this calculation, the R obtained is 

the “instantaneous radius,” i.e., the radius of the indenter contact at the moment of pop-in 

(this is a first order attempt to address the fact that the tips are not perfect spheres). With 

the instantaneous radius, the yield load, and the orientation-dependent average reduced 

modulus, the maximum pressure is calculated using:  



12

 Equation 2.4 

A cumulative fraction plot of the maximum pressure at pop-in was used to compare the 

distribution of p0 at yield as a function of orientation. Figure 2.3 shows typical results for 

indents performed with a Berkovich indenter on electropolished Ni200. The (001) 

oriented grain clearly exhibits a higher p0 at yield than the (111) grain. 

Figure 2.3 Maximum pressure at pop-in as a function of orientation. Indentation 
performed with a blunt Berkovich indenter. (001)-oriented grain exhibits po values higher 

than those of (110) or (111) orientations. 

Indentation with tips of varying effective tip radii was performed to determine if a 

size effect was present and if this effect was impacted by orientation. Figure 2.4 shows a 

cumulative fraction plot of maximum pressure for two specific grain orientations for each 

of the three indenter tip geometries. The Berkovich tip has an approximate tip radius, R, 

of 1300 nm and an included angle, θ, of 142.3°, the conical tip has R ≈ 1000 nm and θ = 



13

90°, and the cube corner tip has R ≈ 100 nm and θ = 90°. The data indicate that tip radius 

does impact the onset of plasticity during nanoindentation. In this case, radius is likely 

more important than included angle since all pop-in behavior occurs in the 

pseudospherical region, well below the depth at which the tip becomes self-similar. 

In determining the mean pressure during any nanoindentation test, there are three 

likely sources of uncertainty: changing the effective tip radius as a result of variation in 

indentation depth, i.e., the tips are not actually spheres,12 apparent radii differences due to 

indenting on a nonflat sample surface (contact with flat, concave, or convex roughness), 

and instrument accuracy. The method for determining pressure at yield, using the tip 

radius measured at the initiation of plasticity, detailed above accounts for radius 

uncertainty due to both indentation to different depths as well as due to indenting a 

nonflat surface. The only remaining uncertainty deals with instrument resolution. Since 

mean pressure varies as depth squared, it is the most sensitive to depth ranges and 

instrument resolution; we thus expect a maximum uncertainty in pressure of 10%. For 

clarity, error bars were not included in Figure 2.4 or Figure 2.5.  
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Figure 2.4  Interaction of orientation and indenter radius effects on maximum pressure. 
For clarity, data presented are compiled from two sets of two indented grains with the 
same nominal orientation. The blunt Berkovich tip is sensitive to orientation, while the 

sharp cube corner tip is relatively insensitive to orientation but shows a pronounced 
radius effect, postulated to be the result of defects. A maximum 10% uncertainty is 

expected due to instrument resolution; for clarity, error bars have not been added to the 
data points.

Figure 2.5  Correlation of orientation and radius effect on maximum resolved shear stress. 
For clarity, data presented are compiled from two sets of two indented grains with the 
same nominal orientation. A maximum 10% uncertainty in the calculation is expected 

due to instrument resolution; error bars have not been added to the data points. 
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2.4 Discussion 

2.4.1 Sampled Volume Effects 

Figure 2.3 indicates that the yield point is orientation dependent for Ni200 when 

probed with a large radius indenter. Figure 2.4 implies that orientation dependence is a 

function of indenter radius. Blunt or large radius tips are more sensitive to orientation, 

while the effect is less prevalent for tips with a smaller radius. Other experiments on gold 

have shown similar orientation effects20,21 and similar trends with the effect of radius on 

pop-in loads have been observed in Ni3Al22 and NiAl23, while other research in our group 

indicates that as experimental tip radius decreases, the orientation effect begins to align 

with that seen via atomistic modeling.24 As tip radius decreases, the relative invariance in 

yield pressures for different crystallographic orientations is likely due to a higher 

probability of indenting a relatively defect-free volume under the indenter.25 The effect of 

defects on the initiation of plasticity for small radius tips is lower, thus pop-in pressures 

are likely controlled by shear stresses and orientation. These trends have been 

enumerated in literature as well.21 Assuming that the maximum pressure is near a “perfect” 

crystal location, then the lowest yield pressures are likely tied to the “worst-case” 

position of a defect.26 The experimental range of yield pressures is largest for the (111) 

orientation and lower for the (001) and (101). The lack of significant variation in the 

lowest observed yield pressure would indicate either a relatively constant defect density, 

i.e., many indentations will sample a defect but not one in the “worst-case” position, or a 

defect density, which is on average so small that it is unlikely that the critical stressed 

volume under the indenter tip contains a heterogeneous dislocation source. Structural 

defects have a greater effect for the larger radius tip than that for the smaller radius tip. 
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The larger radius tip creates a larger volume under stress at a given pressure, which is 

more likely to sample either multiple or larger defects. In this case, the effect of structural 

defects on the onset of plasticity may be more complex than in simulations. The question 

then arises: is dominance of tip radius (size) over orientation a result of existing defects 

or a result of a fundamental size effect? 

2.4.2 Defects within Sampled Volumes 

If the effect is a result of structural defects, then a plausible mechanism must be 

identified. Vacancies and stacking fault tetrahedra are unlikely to be present in significant 

concentrations in these samples due to the long annealing and slow cooling cycle. 

Impurities may play a role, but likely a small one, because the sample is a commercially 

pure Ni alloy and the composition should be independent of orientation. The interaction 

of dislocations with impurities in commercially pure nickel would lead to local strain 

hardening, as observed by nanohardness testing. Surface asperities are unlikely 

contributors as the surface roughness (Ra) of the electropolished surface was measured, 

using atomic force microscopy, to be only 1.71±0.4 nm for all samples. The most likely 

subsurface defects, then, are dislocations. It has been shown that even in materials with 

substantial dislocation densities, it is possible to generate a sudden transition from elastic 

to plastic deformation.15 Using conical indentation, Li et al. have shown an orientation 

effect, which corresponds with the Berkovich indentation orientation effect observed in 

this work. The authors suggested that the large pop-in loads measured for orientations 

close to <001> correspond with a large contact area at pop-in, thus there is a higher 

probability of activating preexisting dislocations.23 Our group has proposed that the 
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orientations near (001) are less sensitive to defects but more sensitive to crystallography, 

while the (111) planes are more sensitive to the impact of defects. Based on the Taylor 

relation, an upper bound for total dislocation density can be estimated from: 

  Equation 2.5 

where τ is the shear stress calculated at the yield point from: 

,   Equation 2.6 

H is the approximate Vickers hardness of the bulk, 738 MPa, G is the bulk modulus 

determined from the relationship G = E/2(1+ν), b is the Burgers’ vector, a is a constant 

0.3,27 and ρT is the total dislocation density, including both statistically stored 

dislocations as well as geometrically necessary dislocations. Using these equations, an 

upper bound ρT calculated from indents in electropolished Ni200 is on the order of 1014

m-2. This value is clearly an extremum, as it was obtained after the sample was annealed, 

mechanically polished, and then electropolished. It is, however, likely that the dominance 

of tip radius is due in part to interactions with dislocations; the volume of material under 

significant shear stress for the largest indenter tips will be on the order of the spacing 

between dislocations. As tip radius decreases, thereby decreasing sampling volume, 

fewer defects are probed, and thus, their impact on properties becomes less important. 

Additionally, as tip radius and thus sampling volume decreases, the likelihood of 

activating a dislocation source of strength similar to those activated by a blunt tip 

decreases, and thus, a higher pressure is needed to initiate the process. This reasoning has 

also been suggested by Wang et al.28 As dislocation nucleation beneath an indenter tip 
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should be a shear-biased event,29–31 it follows that source activation can also be examined 

in terms of shear stresses. Calculating the resolved maximum shear stress for each 

orientation and tip geometry combination provides a means of comparing orientation and 

radius effects. Maximum resolved shear stress, , is calculated with the formula used 

by Li et al.: 

,  Equation 2.7 

where po is the maximum pressure determined with Equation 2.4 and S is the indentation 

Schmid factor.23 A linear interpolation based on their Schmid factor map was used to 

determine the values of S for indented orientations on the (001–111) and (001–101) 

boundaries. Figure 2.5 is a cumulative fraction plot of  for the (001) and (111) 

orientations indented with all three tip geometries. In agreement with the maximum 

contact pressure data, the highest  values are achieved with the sharpest tip, while 

the most prominent orientation effect is observed for the blunt tip. This examination 

matches with the postulation that activating a source with a sharp tip requires a higher 

pressure, or for this analysis, shear stress. We have shown that despite careful sample 

preparation, the surface of indented grains of Ni200 can have a relatively high existing 

dislocation density. If this is the case, it should be possible to use a statistical analysis to 

separate the effect of available sites and the energy required to activate a site at the yield 

point. To verify that the sample sets are statistically unique, Wilcoxon–Mann–Whitney 

rank sum tests were applied to the data. P values between data sets for the different 

orientations generated by different tips were generally below 0.01, indicating a greater 

than 99% probability that the data are unique. By examining Figure 2.3, there is a 
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distribution in maximum pressure required to initiate plastic deformation, a trend 

consistent with other works;31–33 Figure 2.6 plots the pressure range (pmax–pmin) as a 

function of the measured average instantaneous tip radius for each grain orientation. As 

noted by Li et al.,23 the cumulative fraction of events curve will maintain a smooth 

sigmoidal shape when only a single type of defect is sampled. Using this definition, the 

data presented in Figure 2.4 appear to indicate that only a single defect type is responsible 

for these measured events. In that case, the variation in pressure or stress at a yield event 

is most likely controlled by the spatial distribution of defects under the indenter tip. This 

variation could be examined in a variety of ways, ranging from standard deviation to total 

range of measured data, to a fraction of the range of measured data (i.e., 20–80%), to a 

value such as the coefficient of variance. For the purposes of this study, we have selected 

the total range of event data, but the trends indicated by this would be supported by any 

of the aforementioned measures of variation in measured data. The greatest effect of 

pressure range is evidenced in the (111) oriented grain, where the increase in tip radius 

shows a marked decrease in the pressure range. Michalske and Houston30 saw a similar 

decrease in shear stress with increasing tip radius. Conversely, the (001) grain shows a 

minimally increasing trend with tip radius. It is important to note in this analysis that pmin 

is relatively unresponsive to orientation within a specific tip geometry but highly 

responsive to changing tip radius. These trends support the proposition that the (111) 

oriented plane is more sensitive to defects than the (001) oriented planes. As tip radius 

increases, sampling volume increases, and the likelihood of probing a single defect 

decreases, thereby decreasing the range of pressures, which initiate plasticity, and 

defining the minimum pressure required for yield.34 
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Figure 2.6  Range of pressures required to initiate plastic deformation as a function of 
instantaneous tip radius. The pressure range (pmax–pmin) is used as a measure of the 

variation in spatial distribution of defects beneath the indenter tip. This measure is used 
since the shape of the cumulative fraction curves indicate that the same type of defect is 

sampled in each case. 

2.4.3 Activation Volume Analysis 

The energy required to activate a defect site during nanoindentation can be 

determined by evaluating the cumulative distribution of maximum pressures associated 

with the initial yield point. The rate of dislocation source activation in a unit volume of 

material subjected to a pressure p0 has an Arrhenius-type relationship and can be written:  

,  Equation 2.8 

where  is the pre-exponential constant “attempt frequency,” v* is the activation volume, 

e is the intrinsic nucleation energy barrier, and kT is the thermal energy. Since the 

nucleation of dislocations is a stress-induced process, Equation 2.8 is generally presented 

in terms of the maximum shear stress, τ. However, τ = 0.31p0, thus Equation 2.7 can be 



21

written as shown above. The cumulative distribution of pressures at yield for indentations 

in two representative grain orientations for all three tips is shown in Figure 2.4. This plot 

illustrates the strong radius dependence, with a noticeable increase in pressures between 

the blunt tip (Berkovich) and the sharpest tip (cube corner) and indicates orientation 

dependence, as evidenced in Figure 2.3. As described by Schuh and Lund,10 if we 

recognize that there is only one initial yield point allowed per indentation, the population 

of indentations available to yield is equal to 1-f. Then, a differential equation describing 

the population in terms of activation rate can be expressed as:  

.  Equation 2.9 

To obtain the unknown parameters of Equation 2.8, a linear least squares fitting 

technique is applied. Figure 2.7 is a plot of ln(ln(1-f )-1) as a function of 0.31p0 and the 

data are curve fit using a linear regression; therefore, the slope of the line is v*/kT, and 

the intercept is the ln(η), where , or the rate at which defects would 

nucleate due to thermal activation alone. The values of v* for each orientation for all 

three tips are tabulated in Table 2.1; activation volume decreases with decreasing tip 

radius. Additionally, the maximum shear stress tends to increase as the tip radius 

decreases for all orientations except the (001)–(111) grain. If homogeneous dislocation 

nucleation is the active mechanism in this case, one would expect that a smaller volume 

under a higher stress was needed to create a new dislocation. However, the volume 

determined is significantly smaller than one would expect for a dislocation loop, so it is 

the magnitude, not the trend, which implies that the mechanism in this case is not 

homogeneous dislocation nucleation. 
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Table 2.1  Activation volumes (in nm3) normalized by Burgers’ vector (bNi=0.248nm) 
calculated from least squares fitting of Equation 2.8 for each sampled orientation and tip 

geometry, and maximum applied shear stresses in (GPa) for each case. The (001) and 
(111) data was collected from two grains with the same nominal orientations, while the 

other three orientations included data from only one indented grain. 

 (001) (111) (101) (001-101) (001-111) 
 V τmax V τmax V τmax V τmax V τmax 

1300 nm 0.32b3 3.06 0.37b3 1.92 0.38b3 2.52 0.38b3 2.22 0.57b3 2.21 
1000 nm 0.31b3 3.06 0.29b3 2.56 0.35b3 2.82 0.29b3 1.77 0.32b3 1.70 
100 nm 0.16b3 4.21 0.12b3 4.90 0.10b3 6.71 N/A* N/A* 0.15b3 1.61 

For propagation, rather than nucleation, in a pure shear condition, one would not expect a 

yield point. However, since the dislocations sampled by the stress field are likely not 

perfectly located symmetrically under the indenter tip, the most likely way to cause a 

loop to expand is to require an activation event to occur once the entire loop is at a stress 

high enough to move the dislocation. For instance, a kink or double kink (on the order of 

fractions of a Burgers’ vector) on the portion of the loop furthest from the indenter could 

be the critical activation event needed to start the loop growing, assuming that the double 

kink separation distance is on the order of the Burgers’ vector. Since the region of the 

dislocation loop closest to the indenter would be overdriven, the activation of a double 

kink could then lead to the rapid expansion of the dislocation loop, rather than a smooth 

propagation that one might expect for a uniformly applied shear stress. It should be noted 

that the activation volume is not related the volume under the tip, which is undergoing 

shear stress; however, in these cases, they indeed are both smaller for the smaller radius 

tips. 
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Figure 2.7  Data used for linear least squares fitting to determine activation volume. Data 
presented are compiled from two sets of two indented grains with the same nominal 

orientation. Heavy straight lines are examples of fits and the accompanying activation 
volume value, which is normalized by the Burgers’ vector. 

2.5 Conclusions 

The effects of crystallographic orientation and indenter tip radius were investigated 

through EBSD and nanoindentation of commercially pure Ni200.  

1. An orientation effect is observed in yield pressure for the onset of plasticity 

in Ni. Yield occurs at generally higher loads in the (001) oriented grain than 

in the (110) or (111) grains when indentation is performed with a relatively 

blunt (1300 nm) radius indenter tip.  

2. The effect of tip radius can overshadow the orientation effect, as the 1300-

nm radius tip is more sensitive to orientation than either the 1000- or 100-

nm radius tips. However, the sharpest tip appears to be most sensitive to 

individual defects.  
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3. The observed indenter radius effect on the onset of plasticity is likely due to 

the presence of defects rather than a fundamental size effect. The initial 

dislocation density is sufficiently high to result in an interaction between the 

stress field beneath the indenter tip and a dislocation even at very low loads 

and shallow indentation depths.   

4. The activation volume for incipient plasticity, using a cumulative event 

fraction analysis, suggests that larger tips require activating a larger volume 

of material. However, since this occurs at a lower stress than the smaller 

tips, the logical feature being activated in this case is a dislocation loop 

rather than an atomistic-level defect. This does not preclude an atomistic 

event being the critical feature in expanding a dislocation loop but instead 

suggests that the activation volume analysis alone cannot distinguish 

between nucleating a new dislocation and an atomistic process expanding 

an existing loop.  

In summary, we have shown an orientation dependence of the onset of plastic 

deformation processes as well as a pronounced tip radius effect, likely the result of 

an interaction between an existing dislocation and the stress field produced beneath 

the indenter tip.  
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CHAPTER 3.  STATISTICAL QUANTIFICATION OF THE IMPACT OF SURFACE 
PREPARATION ON YIELD POINT PHENOMENA 

Previously published by Metallurgical and Materials Transactions: A, Volume 45, pages 
4307-4315, in September 2014. 

3.1 Introduction 

During nanoindentation testing, a distinct excursion in the load-displacement curve 

at the transition from recoverable elastic to plastic deformation is often observed. First 

identified by Gane and Bowden,35 this phenomena is known as a yield point or “pop-in” 

event. Yield point phenomena have been extensively studied and have been found to 

correlate with oxide film fracture,8 dislocation source activation,15 or homogenous 

dislocation nucleation,9,10,36 depending on the pre-existing dislocation density. 

For metals, the near-surface dislocation density of a particular specimen is often 

governed by sample preparation. It is well established that the occurrence of abrupt 

elastic-plastic transitions causing yield points can be greatly reduced when the surface of 

a metal is mechanically altered.7,31,37–39 Oliver and Pharr7 demonstrated that yield points 

occur regularly on electropolished tungsten surfaces but are completely absent when the 

surface is prepared by standard mechanical metallographic techniques (i.e. mechanical 

grinding and polishing).  In light of similar results garnered by other investigations in 

materials with a variety of crystal structures31,38–40, the elimination of a distinct yield 

point is generally thought to result from the introduction of near-surface dislocations 



26

during mechanical polishing. Activation of pre-existing dislocations, rather than 

nucleation of new ones, enables incipient plasticity at much lower applied stresses2 and 

generally causes a smooth transition in the load-displacement record of a nanoindentation. 

Due to the lack of quantification regarding the effect of surface preparation on yield point 

phenomena, Wang et al.41 recently evaluated the indentation response of Mo when 

mechanically polished, chemo-mechanically polished, and electropolished. The authors 

found that mechanical polishing eliminated all yield points; subsequent colloidal silica 

polishing removes enough of the mechanical damage to achieve some yield points, but 

never fully returns the surface to the pristine state achieved with electropolishing.  

The effect of dislocation density on incipient plasticity has also been investigated 

for FCC materials.42,43 Shim et al.43 determined that the stress required to initiate 

plasticity in single crystal Ni is lower when the crystal was pre-strained 10% and 20% 

than in the as-annealed condition. They also found that the shear stress at yield decreased 

as indenter radius (stressed volume) increased. Thus, the authors suggest that when the 

indenter radius is smaller than the dislocation spacing, the probability that the stressed 

volume contains a dislocation is low, requiring a high shear stress to initiate plasticity. 

Conversely, the stress required decreases when the indenter radius is larger than the 

dislocation spacing because the probability that a dislocation exists in the stressed volume 

is high. Similarly, varying surface preparation may result in a changing dislocation 

density leading to a measurable variation in yield behavior. 

Surface ablation using energetic ions can be used as an alternative method to 

mechanical polishing or electropolishing in the preparation of micro- and 

nanomechanical specimens. Techniques such as focused ion beam (FIB) milling, result in 
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extensive surface damage from bombardment with high-energy gallium ions44–47 and FIB 

damage has previously been shown to introduce damage that eliminates yield point 

behavior in metallic solids during nanoindentation.47 Conversely, ion polishing, which 

involves bombarding a surface with low energy argon ions, is generally thought to result 

in less surface damage than FIB.48,49 

Using orientation imaging microscopy (OIM) to analyze backscattered electrons, 

the crystallographic orientation of each point in a sampled material is indexed and the 

quality of the Kikuchi pattern is analyzed. The image quality (IQ) parameter describes the 

quality of an EBSD pattern; the perfection of the crystal lattice in a sampled volume is a 

main factor affecting the IQ. Distortions caused by lattice imperfections will result in 

more diffuse diffraction patterns and reduce image quality. Thus, IQ data can be used to 

obtain a qualitative description of local strains in a microstructure.50 Local 

misorientations can be further characterized using a kernel approach, based on a user-

defined area. The kernel average misorientation (KAM) is related to lattice curvature, 

which is a result of local variation in lattice orientation, and is a parameter that requires a 

certain number of geometrically necessary dislocations (GNDs). Because of this relation, 

KAM can, to first order, be used to estimate relative dislocation densities by assuming the 

ratio of GNDs is proportional to the total dislocation density. Previous investigations 

using KAM as a first order measurement of local misorientation, θ, approximated GND 

density from: 

, Equation 3.1 
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where b is the Burgers vector and u is the unit length. In this approximation, a GND array 

is defined for simple cylindrical torsion following the method of Calcagnotto et al.51 and 

Kubin and Mortensen.52 This array, based on strain gradient theory,53 assumes a series of 

twist subgrain boundaries in the cylinder each containing two perpendicular arrays of 

screw dislocations. When combined, IQ and KAM data can be used to qualitatively 

assess the changes in defect densities as a function of material preparation technique. 

The current study will investigate the relative effects of surface damage caused by 

conventional metallographic sample preparation methods on indentation-induced yield 

point phenomena in Ni.  The sample preparation methods to be considered are chemo-

mechanical polishing, electropolishing, and ion polishing. The magnitude of structural 

defects caused by these sample preparation techniques will be estimated using a 

combination of IQ and KAM data and the Taylor relation. Finally, the yield behavior will 

be related to the defect density using a statistical approach to account for the similarity 

between the volume of material sampled in the nanomechanical test and the 

representative volume of the spatially distinct defects.   

3.2 Experimental Procedures 

3.2.1 Surface Preparation Techniques 

A sample of commercially pure (99.5%) nickel 200 (hereafter Ni200), 

approximately 13 mm in diameter and 2 mm thick was prepared by cutting, rolling to 20% 

deformation, and annealing in air at 1150 oC for 24 hours followed by air-cooling to 

generate large (0.5 mm-scale) grains. The sample was sequentially polished using three 

different techniques: (1) chemo-mechanical polishing, (2) electropolishing, (3) ion 
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polishing, and indented in each polishing condition. First, the sample was mechanically 

ground through 1200 grit silicon carbide grinding papers and polished with 3 μm and 0.5 

μm diamond compound on a flat nylon cloth, and finally vibropolished with 0.02 μm 

colloidal silica suspension.  Atomic force microscopy (AFM) was used to measure an 

average surface roughness, Ra, at each surface preparation condition. In the mechanically 

polished condition, the measured Ra was 1.8 nm±0.5 nm over a 10 μm square scan. The 

second surface condition was then achieved with electropolishing in a solution of 37% 

H3PO4, 56% glycerol, 7% H2O. This procedure etched the top few tens of microns of 

material, thereby effectively removing both residual damage from mechanical polishing 

and the plastic zone formed by the nanoindentation of the mechanically polished surface. 

The measured Ra roughness of the electropolished surface was 1.7 nm±0.4 nm. The final 

surface preparation condition was achieved by ion polishing for one hour at 4 kV 

discharge voltage, 6 kV accelerating voltage, and an argon ion current of approximately 

130 µA using a Hitachi Model E-3500 cross section ion polisher. Argon ions impinged 

perpendicular to the sample surface. Ion polishing removed approximately 500 nm of 

material. AFM was again performed; the Ra roughness was 1.3 nm±0.5 nm in the 

indented grain, while the Ra roughness in the innermost damage ring, where the ion beam 

was most intense, was 15.1 nm±0.8 nm. An optical micrograph and a schematic of 

damage zones are shown in Figure 3.1a and b. 
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Figure 3.1  Damage zones induced by ion polishing are shown in an optical micrograph 
of Ni200 sample (a) and represented as a schematic (b) with the approximate location of 

the indented grain identified. The diameter of the Ni sample is 13 mm. 

3.2.2 Grain Identification and Nanoindentation 

In order to identify a grain suitable for indentation, EBSD data were obtained 

using orientation image microscopy (OIM) DC 5.3 software from TSL, with an FEI 

Sirion field emission scanning electron microscope at 20 kV. Figure 3.2a shows a typical 

orientation map obtained via a Hough-based EBSD analysis of large area (~1 mm x 2 
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mm) scans utilizing 4 x 4 detector binning and a hexagonal grid with a step size of 5 or 

10 μm.  The large (001)-type grain identified in Figure 3.2a was selected for indentation. 

Nanoindentation of this (001)-type grain was performed at each surface preparation 

condition using a Hysitron Triboindenter equipped with a Berkovich tip of nominal 

radius ~1300 nm. The effective tip radius was determined by performing a Hertzian 

analysis of fully elastic indents made in single crystal W. Twenty-five indents, arrayed in 

a square, were performed in the chosen grain. A five segment, partial-unloading load 

function was used with peak loads ranging from 250 μN to 7000 μN. All indentations 

were separated from one another by 15 μm; the largest plastic zone radius generated was 

3 μm, ensuring no previous indentation influenced a subsequent indentation. Indents were 

placed at least 50 μm away from the grain boundaries visible on the exposed surface. 

Some of the indent arrays are visible in the optical micrograph of the (001)-type grain 

shown in Figure 3.2b.

Figure 3.2  Orientation map (a) generated from EBSD data showing the (001)-type grain 
indented for this study. Optical micrograph (b) of the ion polished sample surface 

showing the indented (001)-type grain with visible 5 x 5 square arrays of nanoindents. 
Red arrows indicate approximate location of grain width measurements used to generate 

Figure 3.3. 



32

EBSD was also used to determine whether sub-surface grain boundaries 

influenced properties measured with nanoindentation. Grain shape was verified and grain 

size was measured at each surface preparation condition, and it was found that the grain 

width increased as material was removed from the surface. Thus we assume that a grain 

boundary does not run parallel to the indented surface at a distance that would affect 

measured properties. A schematic of the probable grain boundary location relative to the 

initial sample preparation surface is shown in Figure 3.3. Additionally, indent arrays 

conducted on each newly polished surface were placed 125 μm from the locations of any 

previous arrays. 

Figure 3.3  Schematic showing possible grain shape normal to the indented surface; the 
schematic cross section was developed from grain width measurements which are 

indicated in Figure 3.2(b). 

3.2.3 GND and Total Dislocation Density Estimation  

Two methods were employed to evaluate the change in near-surface dislocation 

density among a chemo-mechanically polished surface, an electropolished surface, and an 

ion polished surface. First, image quality (IQ) and kernel average misorientation (KAM) 

were determined using the EBSD data. The KAM quantifies the average misorientation 
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around a point with respect to a set of nearest neighbor or second-nearest neighbor 

points.51 For any given pixel i, the kernel average misorientation is obtained from: 

, Equation 3.2 

where K is the number of pixels around pixel i and ωik is the minimum misorientation 

angle between pixels i and k. In this work KAM was determined using first near neighbor 

pixels, with a maximum allowable misorientation value of 5o to be considered as part of 

the same grain.54,55 Values above this threshold are assumed to belong to subgrains or an 

adjacent grain and are thus excluded from the calculation.  

Because KAM is a measure of local lattice curvature it does not take into account 

the statistically stored dislocation (SSD) density. However, the total dislocation density 

( ) can be approximated using the Taylor relation:56  

  Equation 3.3 

where α is a numerical constant (typically ~0.4), G is the shear modulus of the material 

(80 GPa for Ni), and b is the Burgers vector (0.248 nm for Ni). Shear stress, τ, is 1/6 of 

the hardness, assuming the Tabor relationship,  and ,57 where  is 

the uniaxial yield stress. For this calculation, hardness was determined by measuring the 

change in projected area of a Vickers indent at each polishing step and has units of GPa. 
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3.3 Results 

3.3.1 Defect Density 

Previous work suggests that defect density is influenced by material processing as 

well as surface preparation. Common defects include vacancies, stacking faults, 

impurities, and surface asperities. However, because of the long annealing and slow-

cooling cycle applied to the Ni sample, vacancies and stacking fault tetrahedra are 

unlikely to be present in significant quantities. Impurities may play a role, but it is likely 

minimal, because the sample is commercially pure and composition should be 

independent of orientation. The interaction of dislocations with impurities in Ni200 

would lead to local strain hardening, as observed by nanohardness testing. Surface 

asperities are also unlikely contributors as the measured surface roughness is low. The 

most likely subsurface defects in the material tested in this experiment, then, are 

dislocations.  

The image quality and kernel average misorientation analysis suggests that local 

lattice curvature increases from the electropolished surface to the ion polished surface. It 

is likely that GND density also follows this trend. Figure 3.4a-c presents IQ maps 

obtained for each surface preparation condition. Darker grey shades in the maps denote 

lower IQ values. The IQ map of the electropolished surface has only slight grey-scale 

gradients, suggesting that the overall image quality is high; local grey-scale variations 

increase for the mechanically polished surface indicating a higher degree of lattice 

imperfections near the surface. The IQ decreases substantially for the ion polished 

surface suggesting that this technique imparts additional defects into the microstructure, 

increasing overall lattice imperfections. 
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 Figure 3.4  Image quality maps (a) through (c) and KAM maps overlaid on IQ maps (d) 
through (f) for electropolished, mechanically polished, and ion polished surfaces, 

respectively. Colored scales corresponding to the fraction of misoriented points are 
shown below their respective KAM maps. 
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Kernel average misorientation data can be combined with IQ maps to further 

assess changes in local lattice misorientation as a function of surface condition. Figure 

3.4d-f shows the IQ maps overlaid with KAM data for the three conditions. The fraction 

of points with a misorientation between 0-1o (blue points) decreases from the 

electropolished condition to the ion polished condition, suggesting that surface 

preparation techniques that result in additional lattice imperfections also result in a higher 

degree of local lattice curvature, which may be attributed to an increasing density of 

GNDs. The mechanically polished surface appears to have a higher fraction of points 

with 0-1o misorientation than the electropolished surface, however this is likely a 

function of the step size used to collect the patterns. The patterns for the mechanically 

polished surface were collected using a 5 μm step size, while a 10 μm step size was 

applied to the electropolished surface. When applied to the same sampled area, larger 

step sizes have been shown to make the KAM appear worse.58,59 This has been confirmed 

in this study by conducting EBSD scans on the ion polished surface at both 5 μm and 10 

μm; the fraction of 0-1o misorientations decreases when the step size is doubled. The step 

size effect may contribute to the apparent increase in local misorientation for the 

electropolished surface when IQ results suggest that this surface preparation results in 

fewer overall lattice imperfections. In sum, the combination of IQ and KAM data suggest 

that lattice imperfections and local misorientation, which is related to GND density, 

increase from an electropolished surface to an ion polished surface. 

The Taylor relation estimation also indicates that bulk dislocation density is a 

function of surface preparation condition. Given the nature of indentation size effects, 

and because the Tabor relationship may not accurately capture the dislocation density of 
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the as-polished surface, these estimates will be upper bounds of dislocation density, since 

measured hardness decreases with increasing depth.60,61 Increasing calculated dislocation 

density is observed from the electropolished and mechanically surfaces to the ion 

polished surface. 

3.3.2 Yield Behavior 

An optical micrograph of the as-ion polished and indented Ni200 sample 

highlighting the selected (001) grain is presented in Figure 3.2b. By testing the same 

(001)-type grain in each condition, the effect of defect density on yield behavior, 

independent of grain orientation, is obtained for three distinct surface preparation 

conditions. Representative load-depth curves generated by nanoindentation of the 

selected Ni200 grain for each surface preparation condition are shown in Figure 3.5a; 

initial yield point or ‘pop in’ events are magnified in Figure 3.5b. The load and depth at 

yield is recorded for each surface condition. Hertzian contact mechanics18 can then be 

used to transform the data to units of stress, or pressure, for further analysis. To first 

order, the maximum pressure (po) under the indent at yielding can be estimated with: 

, Equation 3.4 

where a is the contact radius, which can be rewritten in terms of reduced modulus, E*, 

and instantaneous tip radius, Ri. For this analysis, the average measured indentation 

modulus, E*, for the (001) type grain was used, derived from a classical Oliver-Pharr  
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Figure 3.5  Representative load-controlled nanoindentation load-displacement curves 
from Ni200 with three surface preparations (a). A magnified view of typical pop-in 

events during the initial transition from elastic to plastic deformation is shown in (b). 
These curves were chosen to depict typical pop-in events rather than typical mechanical 

property measurements. 
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approach.7 By using the load, P, and depth, δ, at the onset of yielding, the following 

calculation for instantaneous tip radius, Ri, represents the radius of the indenter at the 

moment of pop in, 

. Equation 3.5 

Estimating the instantaneous radius in this way provides a first order method to 

account for the non-spherical shape of the Berkovich indenter tip. Additionally, Hertzian 

approximations are only valid for small strain criteria and can underestimate the stress 

field beneath an indentation.12,14 Therefore, only yield-points with contact depths less 

than R/3 were used for yield pressure calculations, ensuring that the low strain 

approximation is reasonable.  

A cumulative fraction of events analysis was used to compare the distribution of 

yield pressures as a function of surface condition. Figure 3.6 shows typical po results for 

indents performed with a Berkovich indenter. For this type of analysis, a vertical line 

would represent perfectly reproducible results, while any variability in the data results in 

a wider range of pressures to achieve a cumulative distribution of one. Non-parametric 

statistics can be used as a quantitative measure of similarity between yield distributions.62 

The Kolmogorov-Smirnov (KS) test attempts to determine if two continuous, one-

dimensional, non-parametric probability distributions differ. The test reports a p-value; 

small values indicate the null hypothesis (that the distributions are equal) should be 

rejected. When applied to the current yield distributions, the KS tests result in p-values 

between data sets on the order of 0.01, indicating the null hypothesis should be rejected, 
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these data imply that the distribution in yield are statistically different between sampled 

conditions. 

Figure 3.6  Cumulative distribution functions showing yield behavior for all three surface 
preparation techniques. Indents which did not exhibit a pop-in (po = 0 GPa) appear on the 

plot along the y-axis.

Since the yield pressure distributions are unique, comparing extreme values and 

trends should provide insight into yield mechanisms. In general, the largest pop-in 

pressures are achieved when indenting the electropolished surface, while lower maximum 

yield pressures occur for the ion polished surface. Decreasing yield pressure correlates 

with increasing near-surface dislocation density. Additionally, the measured hardness, H, 

determined using the classical Oliver-Pharr method,63 increases with increasing amounts 

of surface damage. The electropolished sample displayed the lowest apparent hardness 

while the ion polished sample resulted in the highest apparent hardness, shown in Table 

3.1. Near-surface dislocation networks likely result in local hardening, thereby increasing 
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apparent hardness. These networks may also act as dislocation sources, contributing to 

changing yield behavior. 

Table 3.1  Nanoindentation hardness, H, calculated with the Oliver and Pharr Method, 
dislocation densities, ρdln, estimated from bulk hardness, mean yield pressures, pmean, 

fraction of indentations that exhibited a measurable yield point, fv, fraction of points with 
0 to 1o misorientation determined by KAM analysis, and coefficient of variance, Cv, as a 

function of surface preparation technique. 

3.4 Discussion 

3.4.1 Dislocation Density and Yielding 

Figure 3.6 shows that the minimum yield pressure converges to a value of ~5 GPa 

for all surface preparation conditions. This minimum pressure, pmin, of ~5GPa is likely 

not an effect of surface dislocation density due to sample preparation. When the fraction 

of indents that do not show a distinct yield point is considered it could be inferred that 

instrument resolution may preclude the detection of pop-in events occurring at pressures 

much lower than 5 GPa. Nevertheless, in any indentation experiment there will exist a 

minimum critical yield pressure. This critical yield pressure will be dictated by proximity 

of a pre-existing dislocation to the indenter stress field. For this study, we assume 

plasticity is initiated by the activation of a pre-existing dislocation, rather than by 

dislocation nucleation. Because the indenter tip is blunt, the stress field beneath it is large, 

thus the probability that the stress field interacts with a pre-existing dislocation is a 

H 
(GPa) 

ρdln 
(m-2) 

pmean 
(GPa) 

fy KAM Fraction Cv 

Electropolishing 2.03±0.45 7x1013 12.34 0.80 0.955 0.326 
Mechanical 

Polishing 
2.17±0.56 8x1014 9.30 0.72 0.994 0.387 

Ion Polishing 2.51±0.61 1x1015 7.21 0.68 0.389 0.268 
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function of the dislocation density.43 Yield will occur at the critical pressure when a pre-

existing dislocation is either shaped or spatially oriented such that it can be activated with 

a minimum applied stress.  

Beyond the critical yield pressure and detectable pmin, higher pressures are 

required to cause yielding; in this situation, we assume that a critical resolved shear stress 

condition must be met locally to activate an existing dislocation source at some position 

under the indenter. However, this position, relative to the indenter surface, may not be the 

same when comparing different indentations. Once the critical shear stress is achieved, 

the dislocation loop expands rapidly resulting in pop in. Since the overall stress field 

around the indentation is typically higher than the stress required to maintain slip, the 

spatially resolved discrete dislocation that is activated continues to move away from the 

adjacent high-stress region, producing extensive plastic deformation under the indent and 

contributing to the range of yield pressures observed in Figure 3.6. 

Of the three sample preparation methods tested, the electropolished sample 

required the highest pressure to initiate plastic flow (Figure 3.6). This suggests there is a 

low probability that a dislocation exists in the region beneath the indenter under the 

highest stress.64 The electropolished surface has the lowest inferred initial dislocation 

density (Table 3.1), resulting in the lowest probability that a dislocation will be spatially 

oriented for activation at low pressures or small contact areas. The mechanically polished 

surface has a higher inferred initial dislocation density, resulting in a higher probability 

that a mobile pre-existing dislocation will be located in the high stress region. In this case, 

the average barrier for yielding decreases and typically lower pop-in pressures are 

recorded than for the electropolished surface. With the highest surface dislocation density, 
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the ion polished surface accommodates plastic deformation most easily. Multiple mobile 

dislocations likely exist in the indenter stress field and are easily activated. Additionally, 

the range of pressures that cause yielding (i.e. pmax-pmin) decreases with increasing defect 

density, suggesting that a decreasing pressure range corresponds with a lower likelihood 

of probing a single defect. The pressure range is indicative of the spatial variation of 

defects in the sampled volume.64 

The calculated variation in maximum yield pressures, pmax, for the three 

conditions also suggests changes in the local deformation conditions. There is no 

statistically significant variation between pmax for the electropolished and mechanically 

polished samples. This indicates that maximum yield pressure is not a function of surface 

dislocation density but likely approaches the theoretical shear strength of the crystal, 

where dislocation nucleation, not activation, dominates the slip behavior.20,29 The results 

from electropolished and mechanically polished samples agree with the theory of Wang 

et al.41 that chemo-mechanical polishing with colloidal silica returns the surface to a near-

electropolished state. In contrast, the recorded pmax for the ion polished surface is 

substantially lower, suggesting slip depends on surface defects generated during ion 

polishing rather than on intrinsic dislocations. If other defects, such as subsurface ion 

damage or surface asperities, interact with the indenter the material may yield at lower 

pressures. Measured roughness does not differ greatly among the three surface 

preparation conditions in the selected (001)-type grain. Since the asperity concentration is 

relatively constant, ion polishing likely creates other subsurface defects, such as those 

caused by ion damage, which can lower the stress needed to initiate plasticity. In fact, the 

generally smooth sigmoidal distributions observed for mechanically and electropolished 
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surfaces suggests that the same type of defect causes yield in both cases.23 The yield point 

distribution for the ion polished surface is generally steeper and has less curvature than 

the mechanically and electropolished data, which may suggest that ion damage-induced 

defects may contribute to yield behavior. 

3.4.2 Coefficient of Variance 

As discussed above, the stochastic nature of the yield point phenomena observed 

during nanoindentation may be due, in part, to the likelihood of the indent interacting 

with a dislocation, which is directly related to an increased surface dislocation density 

from sample preparation.34,41,65 This is not only true for nanoindentation; similar results 

have been seen for compression tests in sub-micron scale samples,66 suggesting that any 

localized measurements of mechanical properties must be addressed in a statistical 

manner. Reports addressing this methodology in indentation65,67 suggest that, when the 

sampled volume is much smaller than the defect density, as in the case of the ion polished 

surface, the yield behavior will have a small variation around a low mean value, 

representing the stress to activate existing defects. When the sampled volume is much 

larger than the defect density, as in the case of the electropolished surface, the yield 

behavior will have a small variation around a high mean value representative of the ideal 

flow strength of the material. When the sampled volume is on the order of the defect 

density, the variation in the measured flow strength is greatest, and will be centered on a 

mean that is between both extremes. This type of situation would be represented by the 

mechanically polished condition. For the current study the instantaneous tip radius at the 

yield point was between 1100 nm and 1250 nm; suggesting the volume of material 
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sampled in each case is effectively constant. Therefore, changes in defect density should 

impact both the mean and the variation. One way to quantify this behavior is the 

coefficient of variance, Cv, in yield pressure: 

, Equation 3.6 

where pmean is the mean yield pressure and σ is the standard deviation of pressure. Cv is 

expected to be highest at intermediate defect densities and lower at the extremes. The 

coefficients of variance, as well as the standard deviations and mean pressures, follow 

this general trend. The same trend can be extracted from published data where applied 

load was varied while the size of the indenter remained nominally constant,65 as well as 

from experiments in which the size of the indenter was varied on a fixed defect 

density.64,67 While these data are not conclusive, they indicate that any predictive model 

addressing small-scale mechanical behavior should capture a similar trend in coefficient 

of variance.   

Examining Table 3.1 shows several trends that may be useful for determining 

appropriate experimental conditions for assessing stochastic mechanical performance of 

materials. First, the dislocation density (as inferred from hardness once a well established 

plastic zone exists via the Taylor model) corresponds with the fraction of indentations 

that exhibit a yield point and the mean pressure at yield.  Secondly, the KAM 

measurement of local lattice curvature (a point to point variation) roughly corresponds 

with the coefficient of variance in the yield point data. The combination of examining 

both the mean values of pressure and a measure of stochasticity can be used to select 

appropriate experimental methods that move towards validation of predictive materials 
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simulations. For instance, the radius of the indenter tip may be selected when performing 

nanoindentation; examination of a set of preliminary data that produces a high mean 

pressure but also a high Cv would suggest that a sharper tip would be more likely to probe 

the defect free region of the sample. These findings could be extended to a micro-pillar 

compression experiment where the volume of material under stress can be selected and 

defect density may be controllable by manufacturing method (deposited pillars should 

have a lower defect density than FIB-machined pillars). A test resulting in a high Cv 

would imply that a sampled volume on the order of the spacing between dislocations 

would be likely to generate stochastic results, while a more deterministic value of 

dislocation nucleation would occur if the sampled volume is much larger than the 

dislocation spacing. 

3.5 Conclusions 

Nanoindentation has been used to examine the effect of three specific surface 

preparation methods on the yield behavior of an FCC metal. Evaluation of the maximum 

pressure required for yield indicates that ion polishing likely causes the formation of 

additional near-surface defects from ion implantation, resulting in a reduction of the 

maximum yield pressure obtainable from this technique. The fraction of samples which 

exhibit yield correspond to inferred dislocation density from hardness measurements, 

while the use of a coefficient of variance appears to correspond more closely to the 

EBSD KAM measurement of local curvature. This suggests a coupled experimental 

approach can be used in selecting appropriate size tools for evaluating the mechanical 

behavior of materials that may, at intermediate defect densities and sizes, exhibit highly 
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stochastic properties.  The KAM measurement coupled with Image Quality mapping in 

EBSD appears to be a viable non-destructive method for, to first order, identifying the 

spatial variations in dislocations that increase the variability in yield behavior under 

contact loading. As a final note, the KAM measurement, though powerful, should be 

cautiously applied as the technique assumes GND density is proportional to total 

dislocation density. 
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CHAPTER 4. DEFORMATION AND FRACTURE OF A MUDFLAT-CRACKED 
LASER-FABRICATED OXIDE ON TITANIUM 

Previously published by The Journal of Materials Science, Volume 48, pages 4050-4058, 
in June 2013. 

4.1 Introduction 

Coloring the exposed surfaces of metallic materials by forming an oxide or nitride 

layer via laser irradiation is a well-established surface modification method.68 Surface 

colorization of pure metals and alloys is typically a thermochemical growth process 

facilitated by the heat of absorbed laser light. Localized heating, provided by a focused 

laser beam, can lead to the growth of dielectric phases whose thickness is influenced by 

the laser process parameters. Most previous experimental and theoretical work on laser 

colorization involves continuous wave (CW) laser exposure. Studies have correlated 

optical properties (often determined by ellipsometry) with thickness and structure.69,70 

Recently, a few groups have pursued pulsed laser colorization,71,72 because of its ability 

to promote surface oxidation with minimal impact to sub-surface volumes.73 In general, 

this process involves sequential irradiation of a metal surface or evolving color layer with 

a train of light pulses. Models and experiments have focused on predicting the thickness 

of color layers by accounting for the repetitive rise in temperature, cooling rates after 

pulsing, and the gas diffusion coefficient into an irradiated target material.74 Film color is 

intimately related to the layer thickness and the optical properties of a dielectric layer.
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Oxide or nitride films formed on metallic substrates via pulsed laser irradiation are 

an example of a hard film-soft substrate system. Such systems are common as wear 

resistant coatings and as components in microelectromechanical systems (MEMS). 

However, due to the differences in thermal expansion coefficients between the substrate 

and film, the films are often susceptible to through thickness fracture from high residual 

stresses after formation. Films subjected to a tensile stress may fail due to 

delamination75,76 or from crack propagation perpendicular to the surface.  If there is some 

degree of uniaxiality in the film stress, or the fracture properties of the film are 

anisotropic, cracks may grow parallel to each other.77,78 However, in general, cracks will 

propagate forming a two-dimensional array of islands; this failure mechanism is known 

as “mud flat” cracking, due to the similarity in appearance with the cracks found in 

drying mud.79 

Nanoindentation is a powerful technique for investigating small material 

volumes.63,80 Sudden excursions in depth (pop-ins) at low loads during load-controlled 

nanoindentation have been observed in substrate-film systems. Such load excursions in 

these systems have been ascribed to mechanisms such as oxide film fracture.31,81–84 The 

technique is traditionally used to obtain mechanical properties of small volumes and can 

be applied in novel ways to evaluate film fracture behavior as well as residual film 

stresses ex situ.   

For this study, the structure and properties of oxides fabricated on a titanium 

substrate with pulsed laser irradiation were characterized with a combination of 

microscopy, X-ray diffraction (XRD), and indentation techniques. Electron microscopy 

and diffraction probed phase, film thickness and microstructure. Atomic force 
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microscopy (AFM) was used to image surface topography.  Mechanical properties were 

investigated with nanoindentation.  High load nanoindentation with a large radius conical 

tip was utilized to study the fracture behavior of the oxide films. Finally, conducting 

indentation probed the correlation of mechanical and electrical properties.   

 

4.2 Experimental Procedures 

Four oxide coatings were fabricated on commercial purity Grade II titanium 

(henceforth Ti) substrates by rastering a 120 ns pulsed laser beam across polished 

surfaces in ambient atmospheric conditions.  All oxides were created with an Er-doped, 

glass-fiber laser from SPI Lasers, Inc. operated at 5.6 W average power. A laser pulse 

frequency of 225 kHz was employed, and the focused laser beam was approximately 

Gaussian shaped with a 1/e2 width of 59 μm. Multiple overlapped laser scans created 4 x 

4 mm areas for testing. Four laser scan rates, 130 mm/s 140 mm/s, 150 mm/s, and 160 

mm/s, were chosen and hatch (centroid-to-centroid spacing) was 10 μm. Faster laser scan 

rates correspond with lower laser fluences.  First order estimates of power dissipation 

suggest the near-surface sample temperature rises above the β-transus.   

The resulting oxide phase was determined using grazing incidence X-ray 

diffraction (GIXRD) in a PanAnalytical Empyrean diffractometer with a Cu Kα source 

having a wavelength of 0.15418 nm.  The microstructure and morphology of the laser 

oxides were then characterized using scanning electron microscopy (SEM), performed 

with a JEOL JSM-840A scanning electron microscope, transmission electron microscopy 

(TEM) using a FEI Titan G2 8200 aberration-corrected transmission electron microscope 

and AFM using a Bruker Multimode. 
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Nanoindentation measurements to determine mechanical properties were carried 

out with a Nanoindenter XP with a dynamic contact module (DCM) for low load testing, 

using both the quasistatic mode (QS) and the continuous stiffness module (CSM). A 

Berkovich probe with a radius of approximately 150 nm was used for mechanical 

property testing.  Fracture behavior of the oxides was also examined with 

nanoindentation; a 90o conical indenter tip with a nominal radius of 1μm was pressed in 

to the surface using the XP module with peak loads of 20 mN, 35 mN, 50 mN, and 80 

mN.  Indents were then imaged with a FEI Sirion FEG/SFEG scanning electron 

microscope and image-processing software was used to determine crack circumferences. 

Additionally, electrically conducting nanoindentation was employed to evaluate the 

electro-mechanical properties of the films, including the conductance and current-voltage 

(I-V) characteristics using a Hysitron Triboindenter 950 with electrical contact resistance 

(ECR) measurement capability and a boron-doped diamond Berkovich indenter. 

Electrical data was collected in voltage-source mode during the 10 mN hold segment of 

the loading cycle. Sweeps were 2 s long and were directed from -10 V to +10 V. 

4.3 Results and Discussion 

4.3.1 Phase, Microstructure, and Morphology 

The oxides fabricated in this study were on the order of 200 nm thick.  In 

comparison, the thickness of a typical native oxide film on Ti is generally on the order of 

2-3 nanometers85 while electrochemically grown oxides range from 10s to 100s of 

nanometers.86 Though the oxides produced by laser irradiation are relatively thick, in 

comparison to the bulk substrate thickness they make up only a small fraction of the total 
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sample.  Therefore, low-angle (5o incident angle) GIXRD was used for film analysis, 

revealing that the oxides are composed of TiO and Ti6O (Figure 4.1a). GIXRD and TEM 

analysis identified the presence of a Ti6O interfacial layer, which is essentially 

intercalated oxygen in the HCP α-Ti substrate. TiO comprises the majority of the film 

and has a face centered cubic structure and a lattice parameter of approximately 0.417 nm. 

Additionally, a thin overlayer of TiO2 was detected; this layer is primarily responsible for 

determining film color.87 Discontinuous Debye rings observed in an area detector image 

imply that the Ti substrate has a coarse grained microstructure. This structure was 

verified by TEM (Figure 4.1b). Conversely, the oxide film has a very fine grained 

structure; the oxide grain size, D, can be estimated using the Scherrer equation:88,89 

,  Equation 4.1 

where λ is the incident wavelength in nm, δ2θ is the full-width at half-maximum (FWHM) 

of the diffraction peak, and θ is the Bragg angle. The values are corrected for 

instrumental broadening by comparison with a standard cubic-TiO powder diffraction 

pattern. The true peak broadening is obtained from the following equation: 

c = (b2 – a2)1/2, Equation 4.2 

where c is the true peak broadening, b is FWHM of experimental spectra, and a is the 

FWHM for a profile from the same reflection from a standard TiO powder sample.90 

Realizing that Equation 4.1 does not take in to account microstrain effects, and may thus 

underestimate the grain size, the grain size of the oxide is on the order of 5-11nm. The 

calculation supports the proposition that the fabricated oxides are nanocrystalline. 
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Figure 4.1  5° Grazing incidence XRD of a typical 225 kHz Ti oxide and a full θ/2 θ scan 
showing Ti substrate (a). Peak ID indicated predominant oxides consist of TiO and Ti6O, 

which is essentially intercalated O on the Ti lattice. TEM image showing oxide layers 
(TiO over Ti6O) atop bulk Ti (b). 

The oxides have a topography consisting of a series of ridges and valleys. Figure 

4.2 shows an AFM image and section analysis (4.2a) and an SEM micrograph  (4.2b) of 

the surface of an oxide. A collection of interconnected cracks, resulting in the formation 

of islands of oxide, covers the surface. The pervasive mudflat cracking indicates the 
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oxides are stress-relieved; residual stresses that developed during fabrication, likely due 

to differences in thermal expansion coefficients between oxide and substrate, have been 

relieved through cracking. The average island diameter, or crack spacing, determined 

from line averages of SEM images similar to that shown in Fig. 2b, for all four oxides is 

5.6±0.48μm. 

Figure 4.2  AFM image showing an oxide edge with respect to substrate as well as mud 
flat cracking and a corresponding section height analysis (a); SEM micrograph showing 
pervasive mudflat cracking across oxide surface, as well as a slight rippled appearance, 

evidence of ridge and valley topography (b). 

4.3.2 Deformation and Fracture Behavior 

Dynamic nanoindentation was performed using the CSM technique. For this 

experiment, the CSM tests were performed at a frequency target of 75 Hz and a depth 

target of 1 nm with a 350 nm limit, producing modulus, hardness, and stiffness values. 

Table 1 summarizes the average modulus and hardness values obtained in the range of 

0.5 < ac/h <1.0 where ac is the contact radius and h is the film thickness. Contact radius is 

calculated using: 
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, Equation 4.3 

where A is the contact area, determined via: 

. Equation 4.4 

In the prior equation, S, the harmonic contact stiffness is measured at each point during 

the indentation test and the reduced modulus, Er, is computed with: 

, Equation 4.5 

where ν is Poisson’s ratio of the sample (0.3), νi is Poisson’s ratio of the indenter (0.07), 

E is the modulus of the sample, taken directly from continuous stiffness measurement, 

and Ei, is the modulus of the indenter (1141 GPa). In the chosen ac/h range, the 

indentation depth is sufficient to overcome surface asperity effects, but shallow enough to 

avoid the influence of the more compliant substrate. The moduli reported in Table 4.1 are 

sample modulus values.  

Table 4.1  Modulus and hardness of oxides tabulated as a function of scan rate. 

Scan rate 
(mm/s) 

Modulus  
(GPa) 

Hardness  
(GPa) 

130 217±12 16.4±0.5 
140 215±25 15.4±0.95 
150 214±10 15.1±2.2 
160 213±9 19.0±1.9 

Load-displacement data from quasi-static indentation are shown in Figure 4.3, 

performed in load control with a Berkovich indenter. Load excursion events, that is, a 
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sudden increase in depth with no increase in load, which are a result of oxide fracture, 

were evaluated to gain an understanding of the relative strengths of the oxides. The 

excursion load increases with increasing laser scan rate (Figure 4.4). The minimum 

critical load to initiate fracture is highly dependent on scan rate, while the maximum 

excursion load is less dependent on processing. The observation of excursion events at 

relatively low loads indicated that a fracture study could be successfully performed at 

higher loads with a tip of self-similar geometry. 

Figure 4.3  Example load-depth curves generated from Berkovich indentation (for 
mechanical property characterization) and conical indentation (for fracture study). 

The presence of mudflat cracking and the observation of fracture-related 

excursion events indicate that direct calculation of film fracture toughness and residual 

stress, which caused the mudflat cracking, is viable. Pervasive mudflat cracking denotes 

that the oxide film was once under a significant stress, which has been dissipated via 

cracking, thus the film as-tested is assumed to be in a stress relieved state. Then, if it is 
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possible to calculate the fracture toughness from the stress-relieved film, that value can 

be combined with measured mechanical properties to calculate the stress required to 

initiate and propagate the observed fracture pattern, that is, the residual film stress that 

was present during growth and processing.  This implicitly assumes that the fracture 

behavior measured at room temperature is similar to that when the films undergo mudflat 

cracking, which may be at an elevated temperature.   

Figure 4.4  Cumulative distribution of load at discrete events, resulting from Berkovich 
indentation.  

In order to investigate the fracture behavior of pulsed laser oxides, the films were 

indented with a conical tip of radius ~1 μm to maximum loads of 20 mN, 35 mN, 50 mN, 

and 80 mN. Load excursions in the load-displacement data indicated the initiation of an 

oxide fracture event (Figure 4.3). Cracked areas were measured using image analysis 

software and compared with contact areas calculated from load-displacement data. The 
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outermost circumferential cracks correspond with the circumference of the calculated 

plastic zone for indents at all four loads. The plastic zone is calculated as:91 

, Equation 4.6 

where Pc is the critical fracture load, that is, the load at the initiation of an excursion 

event, and σy is the yield strength of the oxide, which is estimated from hardness, H, 

using Tabor’s relation:57 

. Equation 4.7 

Figure 4.5 shows a series of SEM micrographs of indents at various loads with obvious 

circumferential cracking. The contact areas at pop-in are typically much smaller than the 

outermost circumferential crack contact area.  However, when inner circumferential 

cracks are observed, the contact areas measured for these cracks correlate well with pop-

in contact areas.  

The cumulative distribution of fracture loads resulting from conical indentation is 

shown in Figure 4.6. The critical load required to cause fracture is a function of 

processing parameters: faster laser scan rates require a higher applied load to cause 

through-thickness fracture. Similarly, faster laser scan rates have higher maximum 

fracture loads than their slower counterparts. A comparison of Figure 4.4 and Figure 4.6 

gives insight into the mechanisms responsible for initiating fracture. If the observed 

indentation fracture initiated at the pre-existing mudflat cracks then low loads would be 

more similar for the conical indents, which have a larger sampled volume than Berkovich 
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indents. However, conical indentation produced pristine indents, regardless of proximity 

to a mudflat crack; indentation fracture is not determined by the existence of mudflat 

cracks. Variation in fracture load, then, is likely tied to existence of another kind of defect. 

Figure 4.5  Micrographs showing typical oxide fracture morphology: circumferential 
cracking at the plastic zone radius of the indent, (all). Image (a) shows a complete 

circumferential crack surrounding a 20 mN indent in the middle of an oxide ‘‘island.’’ 
When indentation occurs on or near a pre-existing crack, the outermost circumferential 
crack may terminate as with the 50 mN indent in (b) or continue through that crack as 
with the 80 mN indent in (c). At higher indentation loads, nested cracks are visible (c), 
suggesting that through-thickness oxide fracture occurred at a load much less than the 
peak load, creating an ‘‘island’’ of oxide under the indenter, which continued to move 

with the indenter until peak load was reached. 
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Figure 4.6  Cumulative distribution plot of fracture load, determined from excursions in 
conical tip load-depth data. Rates listed in the legend are the scan speeds used during 

laser-stimulated oxidation. 

Since load at fracture can be used to calculate fracture toughness, Figure 4.6 

indicates there should be a correlation between processing parameters and fracture 

toughness. An energy method92 was employed to quantify the fracture toughness of the 

oxides. Through-thickness cracks likely occur at the elastic-plastic boundary of the 

substrate,93 thus the film shrouding the plastic zone must deform to accommodate the 

indentation. Figure 4.7 is a schematic of the development of a through-thickness crack 

during indentation using a sphero-conical tip.  

In addition to the size of the plastic zone, the energy required for deformation and 

film fracture is necessary to compute fracture toughness. Integration of the experimental 

load-displacement curves produced during indentation of the oxide film, until the onset of 

an excursion event, yield the total system energy, Usystem: 
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. Equation 4.8 

The total energy of the system is the superposition of the energy required to both 

fracture the film as well as plastically deform the substrate. Integrating the load-

displacement curves produced during conical indentation of the substrate alone result in 

the energy required to deform the substrate, Usubstrate. The integration is performed only 

up to the same depth as the critical fracture depth of the oxide to account for plasticity in 

the substrate during indentation of the oxide-substrate system, and is not the entire work 

of indentation for the entire load-depth curves shown in Figure 4.3 or the resulting 

indentation impressions in Figure 4.5. The amount of energy needed to fracture the film, 

Ufilm, can then be determined by subtracting the energy to plastically deform the substrate 

from the total system energy at the same depth: 

Ufilm = Usystem - Usubstrate. Equation 4.9 

The calculated film fracture energies are given in Table 4.2. The energy is dependent on 

the area produced from the initiation and propagation of a crack. It takes a critical amount 

of energy to produce the surface area of a new crack, which is the circumference of the 

crack multiplied by the film thickness. Assuming the majority of the energy goes into 

propagating the crack, and normalizing energy by the crack area results in the crack 

extension force, G: 

  , Equation 4.10 
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where c is the plastic zone radius and h is the oxide film thickness. The crack extension 

force is modeled for a constant load fracture condition, assuming all strain energy is 

released during fracture. The denominator is doubled because two new surfaces are 

created during crack extension. Calculated crack extension forces are shown in Table 4.2.  

Figure 4.7 Schematic of through-thickness, nested cracked generated from high load 
nanoindentation. 

Fracture criteria can be grouped in to two categories: energy methods and stress 

intensity methods. The two methods can be correlated by assuming the thin film is in a 

state of a plane strain; thus: 

, Equation 4.11 

where E is the plane strain elastic modulus of the film and K is the stress intensity factor. 

Calculated values of K are collected in Table 4.2 as a function of scan rate. Contrary to 

the qualitative graphical analysis of fracture load, in general, the critical stress intensity 

decreases with increasing laser scan rate (decreasing laser fluence) and the calculated 

extension force and toughness values are similar to those calculated for titanium oxides in 

other studies.92,94,95 This energy based fracture criterion analysis indicates that indentation 
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induced film fracture can be evaluated successfully for a system with an extensively pre-

cracked film on a more compliant substrate. Additionally, while the statistics of load at 

fracture may be used to qualify the strength of a film, it may not be a good indication of 

the quantitative fracture toughness trend, thus a fracture mechanics calculation should be 

performed. 

Table 4.2  Oxide thickness, h, fracture energy of the film Ufilm, crack extension force, G, 
stress intensity parameter, K, and residual stress, σ0, of oxide films grown using different 

laser scan rates. 

Scan Rate 
(mm/s) 

h 
(nm) 

Ufilm 
(pJ) 

G 
(J/m2) 

K 
(MPa√m) 

σo 
(GPa) 

130 153 255 35.8 3.57 10.3±1.9 
140 140 204 35.7 2.77 8.88±1.6 
150 135 94 33.7 2.58 6.73±1.1 
160 125 153 33.5 2.49 7.46±2.2 

The energy-based analysis of thin film fracture is then used as an element in 

determining the residual stress of the oxide. Thouless96 presented a comprehensive 

evaluation of the development and relaxation of stresses in thin films and through 

evaluating cracking as a method of stress relief developed a model relating film thickness, 

strain, and crack spacing. In the current study, the film thickness, h, and crack spacing, S, 

are measured, while the fracture toughness, K, is calculated. The strain in the film which 

results in mudflat or other regular cracking arrays, εo, is: 

, Equation 4.12 
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where Ef  is the elastic modulus of the film and νf is Poisson’s ratio of the film, in this 

case assumed to be 0.3. There are stress and strain discontinuities across the interface 

from the extrinsic film stress. We assume the coefficients of thermal expansion mismatch 

and modulus of the substrate and film are isotropic so that biaxial stress conditions apply. 

In this case, the residual stress, σo, can be determined from: 

. Equation 4.13 

Residual stresses formed during growth for each film are compiled in Table 4.2. In 

general, residual stress decreases with increasing laser scan rate (decreasing laser fluence). 

Oxides produced at faster laser scan rates likely have a higher concentration of point 

defects created from fast growth rates, which may decrease the residual stresses imparted 

during formation. The residual stresses are somewhat larger than values reported for thin 

films deposited with other techniques, many of which result in compressive stresses.97,98 

In this technique, tensile stresses were generated, which are relieved via mudflat cracking, 

suggesting this growth method differs from others reported, resulting in variations in 

residual stresses. However, oxide films can withstand very high residual stress and due to 

the film thickness, mismatch between thermal expansion coefficients and the speed of 

fabrication, the values are not unreasonable. Similarly high values have been observed 

with TiN films deposited via pulsed laser deposition.99 It is important to note that this 

technique for calculating residual stress was chosen because of the unique processing 

conditions as well as the singular films that are produced.  The harsh fabrication 

environment and thick substrate preclude the use of wafer curvature methods for 

determining residual stress. Another common procedure for ascertaining residual film 
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stress involves XRD; however this routine is not straightforward in this case because the 

films have a complex, non-stoichiometric phase. As residual stresses in other systems can 

impact film reliability,100 a method that allows quantifying residual stress in these types 

of systems should be useful in future processing-structure-properties relationships for this 

class of materials.   

4.3.3 Electrical Response During Contact Loading 

Conducting nanoindentation involves pressing a conductive (boron-doped) 

diamond Berkovich indenter into a sample at a constant load/unload rate while applying a 

voltage and monitoring the resulting current flow through the sample/indenter to 

determine current-voltage characteristics.101 Current-voltage measurements are obtained 

from the hold segment of a 10 mN indent. Figure 4.8 presents the I-V data normalized by 

oxide thickness As shown in Figure 4.8, faster laser scan rates create more conductive 

oxides.  Conductance is not dependent on oxide thickness, therefore another aspect of 

oxide structure must control the observed electrical response. Furthermore, the 

asymmetry of the I-V sweeps about zero suggest the formation of Schottky barrier due to 

unequal amounts of holes and electrons (the charge carriers) in the oxide. This correlation 

may indicate that defects, such as vacancies, in the oxide are the source of the increased 

conductance. The pure FCC phase of TiO is metastable and non-stoichiometric with a 

distorted NaCl structure resulting in vacancies in both the cation and anion partial lattices. 

Up to 15% of both Ti and O sites are vacant.102 Based on mechanical properties and 

fracture behavior, faster laser scan rates are predicted to contain a higher concentration of 

defects. Increased current flow may also result from a higher vacancy concentration,  
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Figure 4.8  Current–voltage (I–V) sweeps normalized by oxide thickness (inset shows 
zoomed view of positive maximum) produced with conducting indentation, at constant 

load, demonstrate that faster laser scan rates correlate with higher conductance. 
Conductance is not dependent on thickness, which suggests it is dominated by defect 

concentration. 

which increases with increasing O:Ti ratios, or other defects associated with fast 

deposition rates. Conductivity, σi, is related to concentration of carriers by:103 

,  Equation 4.14 

where ci is the concentration of carriers, in this case vacancies, zi is the valence, e is the 

charge on an electron, k is Boltzman’s constant, T is the absolute temperature, and Dr is 

the random diffusion coefficient. By assuming zi, e, k, T, and Dr remain constant for all 

four oxides, a qualitative comparison can be made between concentration and 

conductivity. Concentration is proportional to conductivity, thus, as conductivity, or in 

the case of this study, conductance, increases, the concentration of vacancies increases. 
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Unlike previous experiments with laser-fabricated oxides on stainless steel substrates,104 

there is no distinct correlation between oxide fracture load or stress intensity parameter 

and measured maximum current. Since conductance is related to carrier concentration, 

this analysis indicates that the defect structure of an oxide, in particular the vacancy 

concentration, which is dependent on laser processing parameters, may play an important 

role in the electromechanical properties of the film.105,106 

4.4 Summary and Conclusions 

Phase, microstructure, deformation, and fracture behavior of pulsed laser-grown 

metal oxide films on titanium were investigated using a combination of electron 

microscopy, X-ray diffraction, scanning probe microscopy, and nanoindentation.  The 

key findings are as follows: 

1. Oxides grown in this manner are nanocrystalline and composed of three phases: 

an interfacial layer of Ti6O, a mid-layer of TiO, and a thin outer layer of TiO2. 

The high residual tensile stress is relieved through cracking, producing a mudflat-

cracked surface. The oxides are brittle, with a hardness on the order of 16GPa and 

a modulus of ~200GPa. 

2. Statistical and numerical analysis of nanoindentation data demonstrates that faster 

laser scan rates (i.e., lower laser fluence) lead to oxides that fracture at higher 

loads for a given contact probe.  However, the slower scan rates produce oxides 

with an overall higher fracture toughness. 

3. The combination of oxide properties and surface crack spacing provides a method 

for determining residual stresses, which form during growth of these films. The 
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high residual stresses are tensile and generally decrease with increasing laser scan 

rate.  

4. Conducting nanoindentation manifests a correlation between processing 

parameters and oxide conductance—faster laser scan rates (lower laser fluence) 

correspond with higher conductance, likely due to the presence of defects, 

particularly vacancies. 

In summary, the hardness and elastic modulus of oxides grown in ambient atmosphere 

with the pulsed laser method are relatively insensitive to processing parameters within the 

range of this study.  However, the electro-mechanical properties and fracture behavior of 

the oxides do appear to correlate with processing conditions, suggesting that overall 

reliability will be impacted by the complex structure of the oxide formed in this novel 

process. 
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CHAPTER 5. MECHANICAL AND ELECTROMECHANICAL BEHAVIOR OF 
OXIDE COATINGS GROWN ON STANLESS SLEEL 304L BY NANOSECOND 

PULSED LASER IRRADIATION 

Previously published by Surface & Coatings Technology, Volume 235, pages 860-866, in 
November 2013. 

5.1 Introduction 

Laser exposure of oxidizing metals such as copper,107 vanadium,108 titanium,70,73 and 

stainless steels69,109,110 in air results in the growth of discernable, highly colored layers. 

Surface laser-irradiation induces a pyrolytic reaction whereby a metal substrate 

undergoes a high-temperature chemical reaction with the ambient atmosphere resulting in 

the growth of a film composed of elements from the substrate in combination with gasses 

from the environment.68 Various process gasses have been used, including air and 

nitrogen, resulting in the growth of oxides or nitrides on metal substrates after gas-phase 

transport, chemisorption, diffusion, and surface chemical reactions.68 Such highly colored, 

robust films may find use as unique authenticity markings in welded or sealed 

components. 

Previous studies concerning laser marking of stainless steel indicate that a variety 

of colors can be achieved69,111 and that a multi-phase structure may ensue from surface 

pyrolytic reactions.111,112 The thickness, phase, and composition of oxide films grown on 

austenitic stainless steel 304L vary as a function of laser processing parameters. Thicker 

oxides result in a “duplex” phase structure with a Cr-rich interfacial layer and an Fe-rich 
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overlayer. Thin oxides consist of a single Cr-rich layer.  Generally, laser-heating causes 

melting of the stainless steel 304L substrate and Cr diffuses from the substrate to the 

oxide leading to a Cr-denuded zone to depths slightly less than the melt-zone depth.111  

Nanoindentation is a viable method for studying the mechanical behavior of films 

such as those grown in this work.63,80 Nanoindentation is traditionally used to obtain 

mechanical properties of small volumes, but can be applied in innovative ways to 

evaluate film fracture behavior and residual film stresses ex situ113 or electromechanical 

behavior in situ.101 Sudden excursions in depth (pop-ins) at low loads during load-

controlled nanoindentation in substrate-film systems are often ascribed to oxide film 

fracture.31,81–84 Indentation experiments using a conductive stage/tip system allow for the 

investigation of the combined electrical and mechanical response of bulk and 

film/substrate materials systems.  

Most thin film nanoindentation studies involve films grown by physical vapor 

deposition, chemical vapor deposition, or electroplating. The mechanical properties of 

oxides fabricated by pulsed laser irradiation have not been studied in detail.  Our study 

investigates classical thin-film properties of coatings made using a different far-from-

equilibrium growth technique as well as develops novel test techniques. This study 

focuses on linking the mechanical and electromechanical properties of oxides produced 

on SS 304L using pulsed laser irradiation.   

5.2 Experimental Procedures 

Fifteen oxide coatings were fabricated on polished austenitic stainless steel 304L 

substrates by rastering a 120 ns pulsed laser beam across surfaces in ambient atmospheric 
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conditions.  All oxides were created with an Er-doped, glass-fiber laser from SPI Lasers, 

Inc. operated at 5.6 W average power and pulse frequency of 225 kHz with scan speeds 

ranging between 30-600 mm/s. The focused laser beam was approximately Gaussian with 

a 1/e2 width of 59 μm. Multiple overlapped laser scans with a centroid-to-centroid (hatch) 

spacing of 10 μm created 4 x 4 mm areas for testing. Faster laser scan rates correspond 

with lower laser fluence (energy density). 

The resulting oxide thickness, microstructure, phase, and composition of these 

films, evaluated with extensive coupled scanning transmission electron microscopy 

(STEM) and energy dispersive spectroscopy (EDS), have been reported previously.104,111 

Nanoindentation measurements to determine mechanical properties were conducted with 

a Nanoindenter XP with a dynamic contact module (DCM) for low load testing, using 

both the quasistatic mode (QS) for load-controlled testing and the continuous stiffness 

module (CSM), with tests performed at a frequency target of 75 Hz and a depth target of 

1 nm with a 350 nm depth limit, producing stiffness, modulus, and hardness values. A 

Berkovich probe with a radius of approximately 150 nm was used for mechanical 

property testing.  Fracture behavior of the oxides was also examined with 

nanoindentation; a 90o conical indenter tip with a nominal radius of 1 μm was pressed in 

to a surface using the XP module with peak loads of 20 mN, 35 mN, 50 mN, and 80 mN.  

Indents were then imaged with FEI Sirion and JEOL JSM7600F scanning electron 

microscopes (SEM), and image-processing software was used to determine crack 

circumferences. Finally, electrically-conducting nanoindentation was employed to 

evaluate the electromechanical properties of certain films, including the conductance and 

polarization (I-V) characteristics, using a Hysitron Triboindenter 950 with electrical 
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contact resistance (ECR) measurement capability and a boron-doped diamond Berkovich 

indenter. Electrical data was collected in voltage-source mode during the 10 mN hold 

segment of the loading cycle. Potential sweeps were 2 s long and were directed from -10 

V to +10 V. 

5.3 Results and Discussion 

5.3.1 Oxide Film Morphology and Composition 

The oxides grown in this study range in thickness between < 20 nm to 490 nm, as 

measured using cross-sectional scanning electron microscopy, and have a topography 

consisting of a series of ridges and valleys.  Laser fluence dictates film thickness; oxides 

grown at faster scan rates (lower fluence) are thinner than those fabricated at slower scan 

rates. Figure 5.1a presents an SEM micrograph of an oxide fabricated at an average laser 

power of 5.6 W and a scan speed of 30 mm/s resulting in an average thickness of 489 nm, 

which is representative of the typical surface topography; the inset is an atomic force 

microscopy (AFM) reconstruction highlighting a single ridge and valley period. The 

rippled topography is a result of overlapping laser passes and is thus less obvious as 

oxide thickness decreases.  

Surface channel cracking is observed on oxides with thicknesses greater than 100 

nm. Figure 5.1b, which presents an oxide grown at 5.6 W average laser power and scan 

speed of 47 mm/s, resulting in an average thickness of 405 nm, highlights the typical 

crack morphology observed on thick oxides. Pervasive, interconnecting, through-

thickness cracks typically develop in a strained film as a means to relieve residual film 

stresses resulting from differences in coefficients of thermal expansion between the 



73

Figure 5.1  SEM image showing rippled surface topography. Right inset is an AFM 
reconstruction of a single ridge-valley period. This oxide layer was made using an 
average power of 5.6 W and a scan speed of 30 mm/s, yielding an average oxide 

thickness of 489 nm (a). SEM micrograph showing pervasive surface cracks formed post-
processing to relieve residual film stress (b). This oxide layer was made using an average 

power of 5.6 W and a scan speed of 47 mm/s, resulting in an oxide 405 nm thick, on 
average. 
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substrate and the film.113,114 It is likely that residual stress increases as oxide thickness 

increases, as has been observed in laser-fabricated films on Ti substrates;113 however, it is 

also possible that stress is constant and strain energy increases with thickness, as fracture 

can be an energy driven process.  Below an oxide thickness of ~100 nm (corresponding 

to a laser scan rate of ~400 mm/s) channel cracking is not observed. Away from indents, 

Figure 5.2(a)-(e) shows the reduction in the quantity of channel cracks with decreasing 

film thickness. 

STEM and EDS analysis indicate that the oxide phase structure changes at 

thicknesses less than 200 nm (corresponding to a scan rate of >250 mm/s).111  As shown 

in Figure 5.3a, oxides with thicknesses greater than ~200 nm develop a two-phase 

structure consisting of a Cr-rich interfacial layer containing Mn and an Fe-rich overlayer. 

This two-phase structure is identified only as a mixed oxide in the STEM image, but the 

compositional differences are clearly discernible in the inset EDS map in Figure 5.3a. 

Grazing incidence x-ray diffraction (Figure 5.3b) and micro-X-ray diffraction indicate the 

Cr-rich phase is likely MnCr2O4 and the Fe-rich oxide cap is likely magnetite, Fe3O4.104 

Conversely, at thicknesses less than ~200 nm, the films are a single Cr- rich oxide layer 

containing some Mn and Fe with no Fe-rich oxide cap.  
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Figure 5.2  SEM micrographs of high load nanoindents and surrounding areas showing 
the reduction in surface channel cracking away from indents with decreasing film 

thickness, h, (a)–(e) as well as the shift from circumferential cracking to radial cracking 
as thickness decreases (f)–(j). 
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Figure 5.3  STEM imaging reveals a well-defined interface between substrate and oxide 
(identified as a mixed oxide in the micrograph), but corresponding EDS obviates two 

distinct layers within the ‘mixed oxide’ with a composition gradient between the Cr-rich 
interfacial layer and the Fe-rich overlayer of a thick oxide (a). This particular coating was 

made using an average power of 5.6 W and 47 mm/s, resulting in an average oxide 
thickness of 405 nm.  Grazing incidence x-ray diffraction indicates the Cr-rich phase is 

likely MnCr2O4 and the Fe-rich oxide cap is likely magnetite, Fe3O4 (b). 

(a) 

(b) 

Fe3O4 
MnNiO3 

CrNiO4 

Fe3O4
Likely 
substrate 
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5.3.2 Oxide Film Mechanical Properties and Fracture Behavior 

Mechanical behavior of laser-fabricated oxides was probed using both dynamic 

and quasi-static nanoindentation methods. Dynamic nanoindentation was performed 

using the CSM technique, producing stiffness, modulus, and hardness values at every 

point throughout the test.  Since these properties vary throughout the thickness, and can 

be influenced by surface asperities and roughness as well as the substrate, it is important 

to define a condition for comparing properties among samples.  For this study, we have 

selected the comparative parameter to be the contact depth of the indentation for which 

the ratio between the contact radius, ac, and the film thickness, h, is in the range of 0.5-

1.0.  This selection of depth to extract properties for the variety of films was made to 

minimize the effects of surface asperities (deeper indentations reduced asperity effects) 

and substrate properties (deeper indentations are more influenced by the modulus and 

hardness of the substrate).115,116 Table 5.1 summarizes the average hardness and modulus 

values obtained in the range of 0.5 < ac/h < 1.0. Contact radius is calculated using: 

, Equation 5.1  

where A is the projected area of the elastic contact, determined via:63 

. Equation 5.2 

The constant β has traditionally been used to account for stiffness deviations as a result of 

axial asymmetries of pyramidal indenters, and for Berkovich indenters is usually taken as 
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1.034.  S, the harmonic contact stiffness is measured at each point during the indentation 

test and the reduced modulus, Er, is computed with: 

, Equation 5.3

where ν is Poisson’s ratio of the sample (0.3), νi is Poisson’s ratio of the indenter (0.07), 

E is the modulus of the sample, taken directly from continuous stiffness measurement, 

and Ei, is the modulus of the indenter (1141 GPa).  Using this method to define a region 

for reporting properties (ac/h) makes the critical assumption that modulus remains 

constant, which, of course, is not necessarily true for a film/substrate system. However, 

calculated film properties are relatively constant, and the film modulus is similar to (but 

lower than) the modulus of the underlying substrate, as reported in Table 5.1. 

Table 5.1  Hardness, modulus, and H/E ratio of oxides tabulated as a function of laser 
scan rate and average oxide thickness.  Values reported for contact radius to film 

thickness (ac/h) ratios between 0.5 and 1.0. 

Laser Scan Rate 
(mm/s) 

Thickness 
(nm) 

Average Hardness 
(GPa) 

Average Modulus 
(GPa) 

H/E 

30 489 9.2±1.0 155±7 0.059 
47 405 10.7±1.9 155±9 0.069 
80 403 9.8±1.3 159±9 0.062
175 302 10.4±1.1 157±5 0.066 
200 285 9.9±1.2 157±9 0.063 
225 196 10.3±0.9 157±7 0.066 
250 150 10.8±1.8 155±10 0.069 
300 147 7.3±0.9 146±15 0.050 
350 100 8.3±2.0 159±16 0.052 
400 84 6.3±1.2 150±17 0.042 
450 65 4.9±0.6 141±12 0.035
500 40 4.7±1.4 148±18 0.022 
*550 ~25 3.3±1.3 147±10 0.022 
#600 <20 N/A N/A N/A 
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Therefore, to first order, the method appears to be reasonable in defining a consistent 

depth range for comparing properties among the various films. Interestingly, the hardness 

of the films begins to decrease as thickness drops below 150 nm, with the greatest 

decrease in hardness occurring as thickness decreases below 84 nm. This thickness range 

corresponds with the disappearance of oxide channel cracking, as noted in Figure 5.2.  

Oxide films that could be used as authenticity markers would need to be robust and resist 

wear and fracture. While high hardness is emphasized as a classical determinant of wear 

resistance,117 researchers have shown that the ratio of hardness to elastic modulus (H/E) 

is often a better measure of wear resistance than hardness alone.118–120 The calculated H/E 

ratios for the oxides in this study are included in Table 5.1. Again a sharp decrease in H/E 

occurs below thicknesses of 84 nm, as hardness drops. While high hardness is often 

desirable for wear resistance, superhard or ultrahard films are also often brittle; in many 

cases a protective coating which is both reasonably tough and wear resistant is required. 

A high H/E ratio is typically an indicator of high wear resistance; in this study thicker 

films are likely less susceptible to wear than thin oxides.  

High-load, quasi-static indentation tests can be used to obtain a semi-quantitative 

understanding of both oxide fracture behavior and film toughness. A conospherical 

indenter tip with a radius of 90o was chosen to apply the loading condition to the thick, 

hard oxide films on a more deformable stainless steel substrate, because this system is 

well-approximated by a model spherical loading of a hard elastic plate on a soft, yielding 

substrate,93 represented schematically in Figure 5.4.  When loaded, the plate (film) 

undergoes elastic deformation until brittle fracture, while the substrate is displaced 

plastically at relatively high loads.93 Typically, large, circumferential cracks will occur at 
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the plastic zone radius.113 This is indeed observed for oxides in this study with 

thicknesses greater than 100 nm. In contrast, spherical loading of a thin hard film on a 

compliant substrate results in plastic deformation of the film-substrate system; the 

majority of the energy is dissipated by the substrate and the film conforms to the plastic 

deformation of the substrate. The film may undergo radial cracking, as observed in this 

study for films less than 100 nm thick. The stress tensor beneath the indent dictates the 

type of cracking initiated; radial tensile stresses are responsible for initiating 

circumferential cracks, while circumferential tensile stresses are responsible for radial 

cracks.121 

Figure 5.4  Schematic showing fracture of a hard film on a soft substrate at low 
maximum loads (a) where a single through-thickness fracture event occurs, and at high 

maximum loads (b) where nested cracking can occur. 
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As evident in Figure 5.2(f)-(j), thicker oxides display circumferential cracking. 

The corresponding load depth curves for these indents exhibit pop-ins, or a sudden 

increase in depth with no corresponding increase in load. These discrete events have been 

linked to oxide fracture.81,83,84,113 The schematic in Figure 5.4a shows a single 

circumferential crack occurring at the indent contact radius, representative of the cracking 

observed on indents with lower peak loads (20 mN-35 mN), while Figure 5.4b is a 

schematic of the nested cracking often observed for indents with higher peak loads (50 

mN-80 mN). Nested cracking develops when through thickness fracture occurs at a load 

less than the peak load; the indenter continues to press into the sample but the effective 

indenter radius is now the radius of the fractured oxide “island” beneath the tip. 

Additional through-thickness fracture events may occur before the peak load is reached, 

resulting in multiple concentric circumferential cracks, which are visible throughout the 

indent. Image processing software was used to measure the fracture area observed with 

SEM. In general, the outermost circumferential cracks correspond with the calculated 

contact area; for inner circumferential cracks, fracture contact areas correlate with the 

contact area at the initiation of the pop-in, calculated via Equation 2. Figure 5.5 

exemplifies the correlation between pop-ins and observed fracture for indents in a 403 

nm (80 mm/s scan rate) and a 405 nm (47 mm/s scan rate) oxide. This analysis suggests 

load excursions recorded beyond the elastic zone are most likely film fracture events.83 

Furthermore, no spallation of the oxide is observed even when nested, concentric 

cracking occurs at the highest indentation loads, indicating that the film is well adhered to 

the steel substrate and interfacial fracture does not occur. This is substantiated by the 

limited delaminations observed by FIB sectioning and SEM imaging.  
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Figure 5.5  Circumferential cracks at the indent contact radius correspond to load-depth 
excursion at higher loads (a), while inner, nested cracks in high-load indents correlated 

with excursions at low loads (c). 

A clear shift in fracture mechanisms occurs at a thickness of ~100 nm, below 

which circumferential cracking is eliminated. It is likely that the controlling stress for 

initiation of fracture shifts from radial tensile to circumferential tensile as the oxide 

thickness decreases, resulting in the preferential development of radial, as opposed to 

circumferential cracks. Michler and Blank121 investigated the stress fields required to 

proceed from initiation of circumferential cracks to initiation of solely radial cracks as the 

film thickness, h, to indenter radius, R, ratio decreased for thin hard films on compliant 

substrates, finding small h/R ratios led to a network of radial and circumferential cracks. 

In the current study, the continual decrease of thickness leads to (1) the total 

disappearance of circumferential cracks and formation of radial cracks followed by (2), a 

sharp decrease in radial crack length until no cracking is observed for the thinnest oxides 

(fabricated at scan rates > 550 mm/s). The critical thickness for changing fracture 

mechanism is the same as that at which surface channel cracking ceases to develop, 

suggesting that the lower residual stress experienced by well-adhered thinner oxides may 

impact their toughness.  
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Additionally, X-ray micro-diffraction111 indicates that within the identified critical 

thickness range the oxide phase may cease to be a duplex MnCr2O4 / Fe3O4 layered 

structure as observed for thick oxides, and instead consist of a single Mn-rich layer 

(possibly MnCr2O4). Magnetite and chromite phases are predicted to have slightly 

different fracture toughness values,122 which may further impact the observed increase in 

plastic deformation without fracture of thin oxides. 

5.3.3 Electrical Performance of Oxides During Contact Loading 

Conducting nanoindentation involves pressing a conductive (boron-doped) 

diamond Berkovich indenter into a sample at a constant load/unload rate and monitoring 

the resulting current flow through the sample/indenter to determine current-voltage (I-V) 

characteristics.101 Figure 5.6a shows the loading regime and resulting load-depth curve 

for a typical conducting indentation test, while Figure 5.6b presents the I-V data 

normalized by oxide thickness. The inset of Figure 5.6b is a log plot of the positive 

maximum of the polarization curves, clearly indicating faster laser scan rates (reduced 

laser fluence) result in more conductive oxide films.  Since polarization data have been 

normalized by oxide thickness, but conductance still varies as a function of laser fluence, 

another aspect of oxide structure, aside from thickness, must control the observed 

electrical response. Furthermore, the asymmetry of the I-V sweeps about zero suggest the 

formation of a Schottky barrier due to unequal concentrations of holes and electrons 

(charge carriers) in the oxide. Based on mechanical properties and fracture behavior, 

faster laser scan rate oxides are predicted to contain a higher concentration of point 

defects, such as vacancies. 
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Figure 5.6  Loading regime used for conducting indentation, showing applied potential 
and resulting load–depth record (a). Polarization curves for 225 kHz oxides, normalized 

by thickness are presented in (b); the inset shows a log plot of positive maxima. 
Conductance is not a function of thickness, thus the dependence on scan rate must be 

linked to defect density. 

Conductivity, σi, is related to carrier concentration by:103 

,  Equation 5.4 
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where ci is the concentration of carriers, in this case vacancies, zi is the valence, e is the 

charge on an electron, k is Boltzmann’s constant, T is the absolute temperature, and Dr is 

the random diffusion coefficient. By assuming zi, e, k, T, and Dr remain constant for all 

oxides, a qualitative comparison can be made between concentration and conductivity. 

Finally, resistance spreading is unlikely to affect results as the contact area and total 

sampled volume are small and the volume of conductive substrate is constant for every 

test. Concentration is proportional to conductivity, thus, as conductivity, or in the case of 

this study, conductance, increases, the concentration of vacancies is predicted to increase. 

5.4 Conclusions 

Mechanical properties, fracture behavior, and electromechanical response of oxides 

fabricated on stainless steel 304L using a 120 ns-pulsed infrared fiber laser at an average 

power of 5.6 W, a pulse frequency of 225 kHz, and scan rates between 30-600 mm/s 

were investigated by coupling local deformation methods with high resolution 

microscopy. Thick films (h > 200 nm) exhibit pervasive channel cracking, which develop 

as a mechanism for relieving residual film stress due to laser processing. Channel 

cracking is gradually reduced as thickness decreases until it is no longer apparent on 

films with h < 100 nm. This critical thickness range also corresponds to a shift in fracture 

mechanism from radial tensile stress controlled (circumferential cracks) to 

circumferential tensile stress controlled (radial cracks). Because indenter radius is 

nominally constant, the shift in mechanism is likely controlled by oxide thickness. 

Additionally, within this critical thickness range the overall oxide composition changes; 

thick oxides have a duplex structure consisting of MnCr2O4 and Fe3O4, however, thin 
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oxides lack the Fe3O4 overlayer. Differences in film phase may also impact the shift in 

fracture mechanism, which is an indication of the toughness of the oxide. Fabricating 

robust, crack-free films to be employed as passive authenticity identifiers using 

nanosecond-pulsed laser irradiation requires tailoring of laser processing parameters to 

achieve specific toughness and residual film stress conditions.  Pulsed laser irradiation is 

suitable for creating passive identification structures on stainless steel, however the 

thinner films, which are likely more resistant to film failure during contact loading may 

exhibit lower H/E ratio which means they are more susceptible to wear.  Therefore, 

choosing the appropriate processing conditions for creating tamper-proof seals will 

require considering whether the primary failure mechanism is wear or environmental 

degradation. 



87

CHAPTER 6. ENVIRONMENTAL RESISTANCE OF OXIDE COATINGS GROWN 
ON STAINLESS STEEL 304L AND CPII TITANIUM BY NANOSECOND 

PULSED LASER IRRADIATION 

6.1 Introduction 

Oxide films that could be used as authenticity markers must be mechanically robust, 

well-adhered to the substrate, and must develop an oxide-substrate system that is resistant 

to degradation in the projected exposure conditions. The most aggressive anticipated 

service condition is the marine environment, thus immersion testing in a simulated 

seawater solution and salt spray testing were selected to qualitatively capture the 

performance of the oxide-tagged stainless steel 304L and CP grade II Ti under such 

conditions. Anodic polarization was employed to gain quantitative insight into the 

localized corrosion behavior of the oxide-substrate systems. It is well known that grade II 

Ti is resistant to corrosion in NaCl solutions; conversely austenitic stainless steels are 

susceptible to pitting in chloride containing environments.123 Recent investigations of the 

corrosion behavior of laser-treated stainless steels suggest that corrosion resistance 

depends on structure, morphology, and Cr concentration of the laser-treated area.124–126 

However, the environmental resistance of colored laser-fabricated oxide tags has not been 

well-studied, therefore, the results of the current investigation will be interpreted in terms 

of previous studies of the phase, structure, deformation, and fracture of these film 

systems. 
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6.2 Experimental Procedures 

6.2.1 Stainless Steel 

Austenitic stainless steel 304L substrates, with a composition in wt.% of 18.11% Cr, 

8.00% Ni, 1.63% Mn, 0.42% Si, 0.14% Mo, 0.083%N, 0.025% S and P, 0.023% C, with 

the balance as Fe, were prepared for laser processing by metallographic grinding with 

180 grit SiC paper and polishing with 9, 6, and 3 μm diamond suspension. Final cleaning 

involved rinsing in LeniumTM degreasing solvent, followed by acetone, and then alcohol. 

Final sample dimensions were 12.5 × 12.5 × 3.4 mm. An Er-doped, pulsed fiber laser 

from SPI Lasers was used to irradiate the polished substrates in ambient atmospheric 

conditions, stimulating oxide growth. Laser marking involved irradiation at focus using a 

pulse frequency of 225 kHz and a pulse duration measured to be 119 ns. The beam 

exiting the fiber was collimated and directed through a variable beam expander onto two 

Nutfield steering mirrors and then focused onto the metal surface using a Linos f163 f-

theta lens. The beam was approximately Gaussian with a 1/e2 beam width equal to 59 μm 

at focus. A Dataray WinCamD camera and z-stage confirmed that the Rayleigh length 

was N1 mm, which is larger than the variation in working distance for leveled metal 

samples. The relative humidity in the laboratory was ~30% during laser marking. 

Scanning the focused laser beam over a specimen at constant speed created each oxide 

tag. Upon the completion of a given line, the beam was blanked and then returned to the 

beginning of a neighboring, adjacent line offset by 10 μm. This offset, referred to as 

hatch spacing, provides a substantial beam overlap of adjacent lines and a uniform 

fluence within a given feature. Three sets of samples for environmental resistance 

evaluation were fabricated following an identical laser process.  
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The first set of samples, used for immersion testing, consisted of four SS 304L 

substrates with four oxide patterns fabricated on the surfaces (henceforth quad-oxide 

samples); a schematic of this sample configuration is shown in Figure 6.1a. Average laser 

power and pulse frequency remained constant on each stainless steel substrate, while 

laser scan speed varied for each oxide square within a substrate sample. Each oxide 

square had an area 4 mm x 4 mm. The second and third sample sets, designed for salt 

spray testing and anodic polarization, consisted of 12 individual oxide patterns fabricated 

on each SS 304L substrate. All oxides were fabricated at an average power of 5.6 W and 

a pulse frequency of 225 kHz resulting in areas of 6 mm x 6 mm. Scan rates varied from 

30-600 mm/s. This configuration is illustrated schematically in Figure 6.1b. Table 6.1 

summarizes the oxide processing conditions.  

Immersion testing was conducted by submerging the four quad-oxide samples in a 

simulated seawater solution (pH 6) per the ASTM G31 standard127 for 25 days. The 

solution was not de-aerated. SS 304L substrates were enameled to ensure that only the 

laser modified oxide surfaces were exposed to the environment. At the conclusion of the 

exposure period, samples were removed, rinsed with deionized water, and dried for 24 

hours prior to microscopy.  

Salt spray testing was then conducted on the 12 individual oxide samples. A 

polished blank SS 304L specimen was included in the test matrix as a control sample. All 

stainless steel substrates were enameled to ensure that only oxide areas were exposed to 

the salt air environment. Salt spray exposure was performed in accordance with the 

ASTM B117 standard128 for 168 hours. Samples were rinsed and dried for at least 24 

hours prior to microscopy. 
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Finally, anodic polarization tests were conducted on an untreated stainless steel 

blank and on oxides fabricated at 30 mm/s, 300 mm/s, 350 mm/s, and 500 mm/s to 

evaluate the localized corrosion behavior of the oxide-substrate system. These oxides 

were selected as a representative subset of the oxides exposed to salt spray testing. 

Anodic polarization tests were performed with a conventional three-electrode cell, with a 

Pt counter electrode and a Ag/AgCl reference electrode, using a Gamry DC105 corrosion 

test system. Polarization curves were produced in a 3.5% NaCl solution, which was not 

de-aerated, at a sweep rate of 0.5 mV/s after stabilization of the open circuit potential.   

Figure 6.1 Schematic illustration of laser-fabricated oxide samples showing quad-oxide 
configuration for immersion testing (a) and single oxide configuration for salt spray 

exposure and anodic polarization (b).

Laser-fabricated oxides were imaged optically before and after environmental 

exposure. After exposure, the corrosion product and visible laser-fabricated oxides were 

imaged with electron microscopy using a Philips XL-40 FESEM; samples were then 

cleaned with oxalic acid to remove any corrosion product and imaged again. Certain 
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oxides were selected for post-mortem cross-sectional energy dispersive spectroscopy 

(EDS) to evaluate composition gradients, prior to oxalic acid cleaning. Using an FEI 

Quanta 3D Field Emission Gun Dual Beam SEM, trenches were milled in the samples 

with the focused ion beam (FIB). Cross-sectional EDS mapping was then conducted with 

Oxford Instruments data collection software. 

Table 6.1  Processing conditions and resulting film thicknesses for two sets of oxide 
samples. All oxides fabricated at an average laser power of 5.6 W. All salt spray samples 

manufactured at a laser pulse frequency of 225 kHz.    

Immersion Test Samples Salt Spray Test Samples 

Laser Pulse Frequency 
(kHz)

Laser Scan Rate 
(mm/s)

Thickness 
(nm)

Laser Scan Rate 
(mm/s)

Thickness 
(nm)

225 30 489 30 489 
225 47 405 47 405 
225 80 403 80 403 
225 175 302 175 302 
250 10 # 200 285 
250 50 # 225 196 
250 90 # 250 150 
250 130 # 300 147 
275 10 # 350 100 
275 50 # 400 84 
275 90 # 450 65 
275 130 # 500 40 
350 40 #  
350 50 # 
350 60 # 
350 70 # 

6.2.2 Titanium 

Commercially pure, grade 2 (ASTM B265) titanium substrates were prepared for 

laser color marking with conventional metallography to obtain a surface roughness (Sa) 

of 2-10 nm. Sample dimensions were 12.5 × 12.5 × 3.4 mm. Prior to laser processing, 



92

each specimen was cleaned by rinsing in Lenium™ degreasing solvent, followed by 

acetone and alcohol. Ti samples were then irradiated in air using an SPI Lasers Er-doped 

pulsed fiber laser having a fundamental wavelength, λ = 1064 nm, following the same 

procedure enumerated in the previous section.  

Six laser scan speeds—90 mm/s, 110 mm/s, 140 mm/s, 170 mm/s, 200 mm/s, 300 

mm/s— were used to fabricate three identical sets of samples for salt spray exposure and 

anodic polarization testing. Average laser power and pulse frequency were kept constant 

at 7.6 W and 225 kHz, respectively. The approximate thickness of each coating has been 

previously investigated by Adams et al.;87 Figure 6.2 is a replication of their findings. 

Figure 6.2  Plot of average oxide layer thickness measured by TEM. Reported values are 
the combined thickness of TiO2 capping layers and underlying TiO. Results are plotted 
versus laser scan speed for different average powers; oxides used in the current study 
were grown at 7.6 W. Used with permission from: Adams, D. P. et al. Nanosecond 

pulsed laser irradiation of titanium: Oxide growth and effects on underlying metal. Surf. 
Coatings Technol. 248, 38–45 (2014). 

Two sets of identical samples were prepared for salt spray testing; in one case, the 

visible Ti substrate metal was coated with enamel to prevent interaction of the substrate 

with the environment during exposure, the second set of samples were exposed in the as-
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fabricated condition. An untreated Ti sample was included as a control. Salt spray 

exposure was performed in accordance with the ASTM B117 standard128 for 168 hours. 

Samples were rinsed and dried for at least 24 hours prior to microscopy. 

The final six specimens, along with a blank Ti sample, were reserved for anodic 

polarization to evaluate the pitting corrosion resistance and general localized corrosion 

behavior of the oxide-substrate system. Anodic polarization tests were performed with a 

conventional three-electrode cell, with a Pt counter electrode and a Ag/AgCl reference 

electrode, using a Gamry DC105 corrosion test system. Polarization curves were 

produced in a 3.5% NaCl solution, which was not de-aerated, at a sweep rate of 0.5 mV/s 

after stabilization of the open circuit potential.   

6.3 Results and Discussion 

6.3.1 Stainless Steel Immersion Testing 

A total of 16 oxides fabricated at four laser pulse frequencies and a range of scan 

rates were exposed to an aggressive simulated seawater environment. After 48 hours 

exposure a corrosion product had begun to deposit on the majority of the oxide areas; 

only the 225 kHz/175 mm/s, the 350 kHz/60 mm/s, and the 350 kHz/70 mm/s oxides 

were free of any visible corrosion product. After 25 days exposure, a thick corrosion 

product covered all oxide areas. Table 6.2 summarizes the development of corrosion 

products during immersion testing. Optical micrographs obtained before and after 

exposure are presented in Figure 6.3. The corrosion product visible in Figure 6.3e-h was 

identified by low angle X-ray diffraction (Bruker GADDS) as an iron chloride hydrate. . 

The corrosion product deposited on top of the laser-oxide areas; the laser-fabricated oxide 



94

is clearly visible in the SEM image of a post-exposure FIB cross-section (Figure 6.4a). 

The corrosion product was not well-adhered to the oxide, flaking off easily when imaged 

with a high energy electron beam or after oxalic acid cleaning, revealing the laser-

fabricated oxide still present on the metal surface. These results suggest that the corrosion 

product results primarily from corrosion of the underlying steel substrate, rather than 

severe dissolution of the laser-oxide coating.

Table 6.2  Development of corrosion product during immersion testing is tabulated by 
processing conditions.

Laser Pulse Frequency 
(kHz) 

Laser Scan 
Rate (mm/s) 

Corrosion 
Product—48 hrs 

Corrosion 
Product—25 days 

225 30 Yes Yes 
225 47 Yes Yes 
225 80 Yes Yes 
225 175 No Yes 
250 10 Yes Yes 
250 50 Yes Yes 
250 90 Yes Yes 
250 130 Yes Yes 
275 10 Yes Yes 
275 50 Yes Yes 
275 90 Yes Yes 
275 130 Yes Yes 
350 40 Yes Yes 
350 50 Yes Yes 
350 60 No Yes 
350 70 No Yes 

Subsequent post-mortem cross-sectional EDS provides a qualitative description of 

composition as a function of depth. EDS mapping (Figure 6.4a) detects a discernible 

difference in Cr, Fe, and O content throughout the substrate and into the laser-oxide and 

corrosion product; linear point profiling (Figure 6.4b) of an as-received oxide mounted in 

cross-section confirms EDS mapping and shows a decreasing Cr concentration moving 
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from the bulk substrate towards the oxide interface. Cr is depleted from the substrate to a 

maximum depth of ~2 μm (depletion depth varies with oxide thickness), confirming 

previous STEM EDS results.111 Because stainless steel derives its corrosion resistance 

from the formation of a continuous Cr2O3 layer when Cr is dispersed throughout the 

matrix at a concentration of greater than approximately 12%, depletion of solute Cr 

below this critical concentration leads to decreased corrosion resistance.129,130 Thus, the 

deposition of a corrosion product on top of the laser-oxides indicates that enough Cr 

is depleted from the substrate melt-zone during laser processing to reduce the Cr 

concentration below ~12 wt. % making the SS 304L susceptible to chloride attack.131  

Figure 6.3  Quad-oxide samples before (a-d) and after (e-h) immersion in simulated 
seawater solution for 25 days. Uniform corrosion product suggests oxides are non-

protective, likely due to the presence of through-thickness cracks, allowing exposure of 
Cr-depleted substrate to chloride containing environment. 
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The observed extensive corrosion of the laser-modified stainless steel substrate supports 

previous assertions that oxides fabricated on SS 304L via certain laser irradiation 

parameters are non-protective.  Heterogeneities, such as cracks formed as a means to 

Figure 6.4  (a) Electron micrograph showing FIB cut cross-section through corrosion 
product, oxide, and substrate, with resulting EDS maps of the region (same scale as 

cross-section). Regions between white dotted lines indicate the laser-fabricated oxide. (b) 
Linear EDS point profiles of a metallographic cross-section of an as-fabricated oxide. 

EDS data indicates substrate melt zone is depleted of Cr immediately beneath the oxide. 
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relax residual tensile stress in the oxide films hinder the ability of the oxide to function as 

a barrier for the underlying substrate metal. Because all visible substrate is enameled 

prior to immersion, the pre-existing surface cracks that pervade the oxide area provide the 

only path for exposure of the Cr-depleted substrate to the aggressive environment. As 

described in a previous publication,132 the degree of oxide channel cracking depends on 

coating thickness, thus it is likely that susceptibility to corrosive attack also depends on 

oxide thickness and the Cr-depletion depth. 

6.3.2 Stainless Steel Salt Spray Testing 

In order to verify the proposition that laser processing parameters, and thus oxide 

thickness, directly impact the corrosion resistance of a particular oxide-substrate system, 

12 oxides were fabricated for salt spray testing. An average laser power of 5.6 W and 

pulse frequency of 225 kHz were chosen to enable a coupled comparison with other 

published data.111,132 Table 6.1 summarizes the oxide thicknesses, measured with TEM on 

FIB cross-sections, as a function of laser scan rate. A qualitative assessment of the 

severity of corrosion, based on the extent of the corrosion product developed, as a 

function of oxide thickness suggests that systems composed of thick oxides (> 200 nm) 

as well as thin oxides (< 80 nm) are susceptible to chloride attack while oxides on the 

order of 100-150 nm thick are protective. The variation in extent of corrosion product 

developed as a function of oxide thickness is highlighted in Figure 6.5; micrographs of 

six oxides as well as a micrograph of the uncoated SS 304L blank are presented for 

comparison.  
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Figure 6.5  Optical micrographs of corrosion product developed on six oxides subjected 
to 168 hours of salt spray exposure indicate severity of substrate corrosion correlates with 

oxide thickness and degree of though-thickness channel cracking. 

Integrating the current salt spray study with a previous fracture behavior 

investigation by Lawrence et al.132 provides insight into the coupling of laser-oxide 

structure with environmental resistance. Laser-formed oxides with thicknesses greater 

than ~150 nm suffer from pervasive channel cracking. Through-thickness cracks provide 

a path for exposure of the substrate immediately beneath the oxide to the aggressive 
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environment. The Cr-depleted SS 304L substrate is susceptible to chloride attack and 

thus an extensive corrosion product deposits on top of the exposed area.  

Electron microscopy of oxide surfaces after salt spray exposure and subsequent 

cleaning to remove excess corrosion product reveal the development of pits at triple 

points or other crack junctions, as shown in Figure 6.6a-b, and widening of surface 

channel cracks as in Figure 6.6c. These post-mortem observations seem to support 

through thickness cracks as the likely ingress path for chloride ions. Additionally, in 

cases where the entire oxide area is not covered by a corrosion product, rings of corrosion 

product are evident around pits formed at crack junctions (Figure 6.6a) indicating that the 

first corrosion product is likely formed around these weak points. In some cases, removal 

of the thick corrosion product reveals oxide degradation, but not complete dissolution, in 

the vicinity of widened cracks or pits, as in Figure 6.6c, indicating that channel cracks are 

weak points in the film where corrosion of both the substrate and oxide can proceed. 

Based on these observations, we can propose the following mechanism: (1) pits develop 

at channel crack junctions, (2) pits grow and cracks widen with continued exposure, (3) 

surface dissolution proceeds as additional pits form and cracks widen, (4) substrate 

corrosion likely accompanies (3) and causes deposition of a corrosion product on top of 

the laser-fabricated oxide, initially in rings around open pits. Schematics of degradation 

processes are shown in Figure 6.6d-e. Other investigators have also correlated the 

corrosion susceptibility of coated steels to coating thickness133 and to residual film 

stresses and degree of film cracking.134 Chou et al. found that salt spray testing led to 

increased corrosion rates for TiN-coated 304L below a critical thickness, while Shieu et 
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al. determined that the propensity for film cracking increases with residual film stress, 

which leads to increased corrosion rates in NaCl environments.  

In the current study, laser-oxides with thicknesses less than ~100 nm have no 

visible channel cracking, suggesting the films are thin enough to avoid significant 

residual stresses and thus deform in union with the stainless steel substrate. Such thin 

oxides, with a likely composition of MnCr2O4,111 do not serve at as a protective barrier 

preventing corrosion of the Cr-depleted substrate and it is possible the films are 

susceptible to degradation in a chloride-rich environment. Thin oxides may be 

unprotective due to high defect densities; defects can act as easy diffusion paths for the 

aggressive species. A previous investigation of electrical properties of these films 

suggested that oxides fabricated at fast laser scan rates, which results in very thin films, 

have a lower electrical resistivity.132 In contrast with fracture behavior, film conductance 

does not depend on oxide thickness; rather, increasing defect density (which corresponds 

to increasing charge carrier concentration) is identified as the cause. Other investigations 

have linked the electrical and chemical properties of passive films and thermally grown 

oxides on stainless steel.135–139 Guo et al.136 found that that the electrical conductivity of 

passive films on a duplex stainless steel varies as a function of film thickness and 

composition; films less than 5 nm thick are p-type semiconductors and have a higher 

Cr:Fe ratio than 5 nm thick films, which are n-type semiconductors. Hakiki et al.135 notes 

that the electronic structure of relatively thick thermally grown oxides (TGO) on 304 

stainless steel is similar to that found for thin passive films. The TGO films are dual 

phase, with a Cr- and Fe-rich inner layer and an Fe-rich outer layer, with different 

semiconductivities. The authors found that both TGO and passive films reveal similar 
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capacitance despite different thicknesses and donor densities, similar to the results of the 

current study.  In the current investigation, thin oxides are fabricated at very high laser 

scan rates and are thus thought to contain a larger defect density than oxides fabricated at 

slower laser scan rates. Defects, acting as charge carriers, may also enhance diffusion of 

the aggressive species to the Cr-depleted substrate,140 increasing the likelihood of 

corrosion. Thus, it is specific processing parameters that affect the defect structure in the 

oxide, leading to poor corrosion resistance, rather than the thickness of the oxide films.

Conversely, laser-formed oxides with thicknesses of ~100-150 nm are protective. 

These films have thicknesses below the critical thickness for through-thickness channel 

cracking. They are continuous, well-adhered coatings, likely with a relatively low defect 

density. These oxides are also likely single-phase coatings with a Cr-rich composition 

containing some Mn and Fe and may, therefore, be inherently resistant to atmospheric 

chloride attack. Thus, in the absence of any pre- or post-processing to avoid the 

development of a Cr-denuded zone in SS 304L substrates, protective oxides can be 

fabricated under laser processing conditions which result in coating thicknesses in the 

range of 100-150 nm. 
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Figure 6.6 Electron micrograph of two pits in a 175 mm/s oxide (a). Apparent horizontal 
lines on the surface reflect the laser scan direction. Pits form at the intersection of channel 
cracks, as shown in (b). A schematic of this process is shown in (d). Salt spray exposure 

also causes widening of channel cracks and subsequent “flaking-off” of the oxide as 
evident in the SEM image in (c) and accompanying schematic (e). Cross-sections shown 

below plan-view schematics in (c) and (e) are taken along dashed lines. 
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6.3.3 Potentiodynamic Testing of Stainless Steel 

Figure 6.7 summarizes the anodic polarization curves for the un-treated SS 304L 

and four oxides fabricated at laser scan speeds of 30 mm/s, 300 mm/s, 350 mm/s, and 500 

mm/s, resulting in oxide thicknesses of 489 nm, 147 nm, 100 nm, and 40 nm, respectively.

Figure 6.7  Anodic polarization curves of an untreated SS 304L sample, as well as four 
laser-fabricated oxide samples, a subset of the samples subjected to salt spray testing.  

Oxides with thickness of 147 nm, 100 nm, and 40 nm have anodic current 

densities and corrosion potentials slightly lower than those of the untreated SS 304L, 

indicating the oxide-substrate systems are more susceptible to localized corrosion. 

Corrosion potential appears to vary directly with oxide thickness; thicker oxides are the 

most susceptible to pitting corrosion. In contrast with the immersion and salt spray tested 

samples, anodic polarization causes degradation of the oxide film and localized corrosion 

of the substrate, likely through pitting or a crevice corrosion mechanism. As expected, the  
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untreated SS 304L exhibits pitting. Figure 6.8 compares optical micrographs of oxide 

areas before and after anodic polarization and shows the degree of local corrosion 

observed for the oxides and untreated SS 304L. In light of post-mortem microscopy, the 

propensity for a thick oxide to pit tracks with the prevalence of channel cracks. Notably, 

no corrosion product was observed to accompany local corrosion. In sum, the 147 nm and 

100 nm thick oxides appear more resistant to degradation than the 40 nm oxide. The 489 

nm begins to dissolve immediately after the corrosion potential is reached. The corrosion 

potential for this oxide shifts to a more cathodic value than that of the thinner oxides, 

reflecting a higher corrosion rate, consistent with salt spray test results. Again, it is likely 

that the larger Cr-denuded zone generated during fabrication of the 489 nm oxide results 

in a substrate more susceptible to chloride attack and the channel cracks found in the 

oxide allow the electrolyte to penetrate the oxide, exposing the Cr-depleted substrate. It is 

also possible that this process leads to crevice-type corrosion resulting in spallation of the 

oxide film (Figure 6.8i-j). Similar observations have been recorded by Pacquentin et. 

al.124 for SS 304L modified with laser surface melting using an ytterbium-doped 

nanosecond pulsed laser. 

The authors note that when LSM results in the growth of an oxide with a 

thickness on the order of 300 nm, the film is mudflat cracked and a chromium depletion 

zone was detected immediately beneath the oxide. Passive behavior disappears and the 

pitting potential of this sample becomes more negative than for untreated samples or 

those with oxide coatings on the order of 100 nm.  
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Figure 6.8  Optical micrographs of samples subjected to anodic polarization. Images (a-e) 
show sample surfaces prior to polarization, images (d-j) show degradation of surface 

(pitting) after anodic polarization.  
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6.3.4 Titanium Salt Spray Testing 

Exposure to 5% NaCl fog for 168 hours caused no discernible degradation of the 

laser-fabricated oxide, nor any corrosion of the Ti substrates. Figure 6.9 presents optical 

micrographs of selected as-fabricated samples after salt spray exposure, while Figure 

6.10 shows higher magnification optical micrographs of selected oxides before and after 

exposure. No oxide color change occurs, the highly polished surface finish of the Ti 

substrates is not diminished, and no corrosion product has developed. Though it is well 

known that grade II titanium is resistant to chloride attack, this study confirms that laser 

processing does not alter the substrate in such a way that would make the oxide-substrate 

system susceptible to corrosion.  

Figure 6.9 Optical micrographs of two oxides fabricated on Ti after salt spray exposure. 
These micrographs are representative of the response of all oxide systems. Neither the Ti 

substrate nor the oxides have degraded after 168 hours of salt fog exposure. 

Additionally, it is important to note that though the oxides are pre-cracked (as 

shown previously in Figure 4.2), these through-thickness channel cracks do not affect the 

corrosion resistance of the system. Previous investigations have shown that CPII Ti can 

(a) 
300 mm/s 

(b) 
90 mm/s 

 2 mm  2 mm 



107

be susceptible to crevice corrosion in NaCl environments;141  the channel cracks in the 

coatings currently under investigation do not, however, appear to create a situation 

whereby crevice corrosion can proceed. 

Figure 6.10 Higher magnification optical micrographs of two laser-fabricated oxides on 
Ti before (a-b) and after (c-d) salt fog exposure. No color change or corrosion product is 

detected on the surface. 

6.3.5 Potentiodynamic Testing of Titanium 

Figure 6.11 summarizes the anodic polarization curves for the untreated Ti and six 

laser-fabricated oxides. Corrosion potential increases directly with oxide thickness 

(inversely with laser scan speed) and, in all cases, is anodic to the untreated base material. 

Also, the anodic current densities for all the coated samples are greater than that of the 

untreated substrate. Though Ti is resistant to corrosion in chloride containing solutions, 
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the polarization data suggests that thicker oxides would provide an additional protective 

barrier in anticipated service environments. Similar results have been observed by other 

researchers investigating surface modification of Ti titanium alloys with plasma-spray 

coatings and thermal oxidation.142,143 

Figure 6.11  Anodic polarization curves of an untreated CPII Ti substrate as well as six 
laser-fabricated oxides. 

6.4 Conclusions 

Corrosion resistance of a novel oxide-substrate system fabricated via nanosecond 

pulsed laser irradiation of SS 304L and CPII Ti substrates in chloride containing 

environments, similar to marine conditions, has been investigated through immersion 

testing, salt spray exposure, and anodic polarization in NaCl solution. Environmental 

exposure results are interpreted in terms of previous investigations of oxide structure and 

fracture behavior. 
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1. Laser grown oxides on CPII Ti are resistant to degradation in chloride containing 

environments. Crevice corrosion is not a problem despite pervasive channel 

cracks in oxide surfaces. Oxides increase anodic current density and corrosion 

potentials of the oxide-substrate system. 

2. Laser grown oxides on SS 304L with thicknesses greater than 150 nm are 

generally non-protective in chloride-containing environments, likely due to the 

presence of through-thickness cracks, allowing exposure of the Cr-depleted 

substrate to the aggressive environment. High temperature laser processing leaves 

a Cr-denuded zone in the substrate that extends to about half of the melt zone 

depth; this Cr-depleted substrate microstructure is susceptible to corrosion in 

chloride environments, thus a corrosion product deposits atop the exposed laser-

formed oxide areas. 

3. Laser-oxides on SS 304L with thicknesses less than ~100 nm are a single-phase 

MnCr2O4 and do not contain through-thickness cracks132, but do not prevent 

corrosion of the Cr-depleted stainless steel substrates. These films likely have 

high defect densities that may act as short circuit diffusion paths for the 

aggressive species, enabling corrosion of the Cr-depleted substrate. 

4. Oxide coatings grown on SS 304L with pulsed laser irradiation in ambient 

environments that have thicknesses in the range of ~ 100-150 nm are protective in 

aggressive chloride environments. Oxides in this thickness range are single-phase 

and not mudflat-cracked and as such are resistant to atmospheric chloride attack, 

but still susceptible to localized electrochemical corrosion.  
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Thus, nanosecond pulsed laser irradiation can be successfully employed to fabricate 

robust, protective oxide coatings on both CPII Ti and SS 304L substrates. Processing 

parameters can be tailored to achieve continuous, well-adhered oxides with a phase 

structure that is resistant to degradation in chloride containing environments despite the 

existence of a Cr-depleted region in the stainless steel substrate microstructure. Further 

pre- or post-processing may be employed to reduce the detrimental effect of Cr-diffusion 

during laser processing, thereby increasing the thickness range for robust, protective 

coatings. 
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CHAPTER 7. DEVELOPING MECHANICALLY AND ENVIRONMENTALLY 
STABLE OXIDES ON STAINLESS STEEL USING NANOSENCOND PULSED 

LASER IRRADIATION 

7.1 Introduction 

Highly colored films fabricated using nanosecond pulsed laser irradiation are under 

investigation for use as authenticity markings144,145 as a protection against counterfeiting, 

and as a method for monitoring degradation in welded or sealed components, provided 

they are mechanically robust and do not degrade the overall system resistance to harsh 

environments. 

Oxide films that could be used as authenticity markers must adhere strongly to the 

substrate and lead to a substrate-oxide system that is both mechanically robust and 

resistant to degradation in the projected exposure conditions. The most aggressive 

anticipated service condition is the marine environment; a previous study (Chapter 6) 

evaluated the environmental stability of laser-fabricated oxides on 304L stainless steel. 

Austenitic stainless steels are susceptible to pitting in chloride-rich environments.146 

Various investigations of the corrosion behavior of laser-treated stainless steels suggest 

that corrosion resistance depends on structure, morphology, and Cr concentration of the 

laser-treated area.124–126 The data evaluated in Chapter 6 confirmed that oxide structure 

and base metal Cr concentration impact the corrosion susceptibility of oxides grown on
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SS 304L using nanosecond-pulsed laser irradiation. The current study focuses on a first 

step towards mitigating the corrosion caused by Cr depletion and severe oxide channel 

cracking by altering the laser treatment process. Working from an understanding of effect 

of oxide thickness on residual stress, individual layer thicknesses are kept small, but 

multiple layers are grown in a single exposure area. The effect of this layering process is 

investigated in terms of surface structure and morphology, color, mechanical properties, 

and corrosion resistance. 

 

7.2 Experimental Procedures 

Austenitic stainless steel 304L substrates, with a composition in wt.% of 18.11% 

Cr, 8.00% Ni, 1.63% Mn, 0.42% Si, 0.14% Mo, 0.083%N, 0.025% S and P, 0.023% C, 

balance Fe, were prepared for laser processing by metallographic grinding with 180 grit 

SiC paper and polishing with 9, 6, and 3 mm diamond suspension. Final cleaning 

involved rinsing in LeniumTM degreasing solvent, followed by acetone, and then alcohol. 

Final sample dimensions were 12.5 × 12.5 × 3.4 mm. An Er-doped, pulsed fiber laser 

from SPI Lasers was used to irradiate the polished substrates in ambient atmospheric 

conditions, stimulating oxide growth. This infrared laser (1064 nm wavelength) was 

operated with a pulse duration of 120 ns, an average power of 5.6 W, a pulse frequency 

of 225 kHz, and scan speeds of 475 mm/s and 550 mm/s. The focused laser beam was 

approximately Gaussian with a 1/e2 width of 59 μm. Multiple overlapped laser scan lines 

with a centroid-to-centroid (hatch) spacing of 10 μm created square oxide areas. A single 

oxide fabricated with a laser scan speed of 475 mm/s has a thickness of ~50 nm. Oxides 

with total thicknesses of 100 nm, 200 nm, and 300 nm were developed by sequential 
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irradiation of the same 6 mm x 6 mm area, creating films of 2 layers, 4 layers, and 6 

layers, respectively. A single oxide film fabricated at 550 mm/s is approximately 25 nm 

thick. At this scan rate, films with total thicknesses of 75 nm, 125 nm, and 300 nm were 

fabricated by irradiating the same area, building layered films consisting of 3 layers, 5 

layers, and 12 layers. 

Instrumented nanoindentation, employed to measure mechanical properties of the 

as-fabricated oxide films, was conducted with a Nanoindenter XP with a dynamic contact 

module (DCM) for low load testing, the continuous stiffness module (CSM), with tests 

performed at a frequency target of 75 Hz, a depth target of 1 nm, and depth limits at least 

200 nm larger than the total film thickness. A Berkovich probe with a radius of 

approximately 150 nm was used for mechanical property testing. Dynamic indentation 

measures contact stiffness, S, from which reduced modulus, Er, can be determined 

knowing that:7 

, Equation 7.1 

where A is the contact area and b is a constant which has traditionally been used to 

account for stiffness deviations resulting from axial asymmetries of pyramidal indenters, 

and is generally taken as 1.034 for Berkovich indenters. The sample modulus, E, is then 

computed by: 

, Equation 7.2 

where ν is Poisson's ratio of the sample (0.3), νi is Poisson's ratio of the indenter (0.07), 

and Ei, is the modulus of the indenter (1141 GPa). 
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Optical interferometry was conducted to measure surface roughness of the oxide 

samples using an ADE Phase Shift white light interferometer. Images were collected at a 

magnification of 1 with a 10X objective. Values for average roughness, RMS roughness, 

and peak-to-valley distance were recorded. 

A Varian, Inc. Cary 5000 UV-visible-IR spectrophotometer was used to analyze 

the reflectance of the oxide coatings; Cary WIN UV Color software was then used to 

evaluate chromaticity. For this analysis, samples were fixtured within an internal diffuse 

reflectance accessory such that the specularly reflected beam was detected. A reduced slit 

was employed to ensure only the reflectance of the laser-fabricated oxide was measured. 

Reflectance was monitored over a range of incident wavelengths from 350-850 nm. CIE 

1931 photopic observer and D65 illuminant standards were utilized for this evaluation. 

Anodic polarization tests were conducted on an untreated stainless steel blank and 

on all layered oxides to evaluate the pitting corrosion resistance and general localized 

corrosion behavior of the oxide-substrate system. Anodic polarization tests were 

performed with a conventional three-electrode cell, with a Pt counter electrode and a 

Ag/AgCl reference electrode, using a Gamry DC105 corrosion test system. Polarization 

curves were produced in a 3.5% NaCl solution, which was not de-aerated, at a sweep rate 

of 0.5 mV/s after stabilization of the open circuit potential.  

Salt spray exposure was performed in accordance with the ASTM B117 

standard128 for 168 hours. A polished blank SS 304L specimen was included in the test 

matrix as a control sample. All stainless steel substrates were enameled to ensure that 

only oxide areas were exposed to the salt air environment. Samples were rinsed and dried 

for at least 24 hours prior to microscopy. 
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Interferometry and spectrophotometry were conducted on the specimens after 

electrochemical testing, following the methods described previously. 

7.3 Results and Discussion 

Hardness and elastic modulus values of layered laser-fabricated oxides obtained 

with dynamic nanoindentation are collected in Table 7.1. Since mechanical properties of 

thin films can vary with film thickness, and can be influenced by surface asperities and 

roughness as well as substrate properties, a condition for comparing properties among 

samples must be defined. Consistent with previous investigations of laser-fabricated 

oxides113,132, we have selected this comparative parameter as the indentation contact 

depth for which the ratio between the contact radius, ac, and the film thickness, h, is in 

the range of 0.5–1.0. Selecting depth as a comparative parameter for extracting film 

properties minimizes the effects of surface asperities and substrate properties.115,116 For 

this analysis, contact area is determined from: 

, Equation 7.3 

where A is the projected area of the elastic contact and is calculated by solving Eq. (1) for 

A. For both laser scan rates used in this study, modulus decreases slightly as the total film 

thickness/number of layers decreases. The thinnest films also have the lowest hardness 

values, but, interestingly, the mid-thickness films (4 layers for 475 mm/s, 5 layers for 550 

mm/s) are slightly harder than the thickest films. Quasistatic, load-controlled indentation 
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was performed to check this result—consistent values and trends are obtained with both 

techniques. 

Table 7.1  Modulus and Hardness values calculated from continuous stiffness 
nanoindentation. 

No. Layers Modulus  
(GPa) 

Hardness 
(GPa) 

475 mm/s 
6 layers 165.75±12.2 9.8±1.7 
4 layers 158.7±15 10.7±1.8 
2 layers 143.2±17 8.3±1.5 

550 mm/s 
12 layers 173.8±12 9.6±1.5 
5 layers 161.5±21 10.2±1.6 
3 layers 135.3±17 7.3±1.8 

Optical interferometry reveals that the surface roughness of the oxides is inversely 

proportional to the number of layers in the film both in the as-fabricated and corroded 

states. Roughness increases dramatically after anodic polarization. Values for the average 

roughness, Ra, RMS roughness, Rq, and peak-to-valley distance, PV, are collected in 

Table 7.2. In general, the RMS roughness value is about 20% greater than the Ra value, 

because Rq is weighted by large values of peak height and valley depth. The disparity 

between peak height and valley depth increases substantially after anodic polarization, 

due to the degradation of the oxide layer and resulting pits or crevices, as shown in 

Figure 7.1. The PV values post-polarization correspondingly increase. However, the PV 

increase is less dramatic for the oxides fabricated at 475 mm/s than the oxides fabricated 

at 550 mm/s. 

Spectrophotometry data is used to calculate chromaticity values for each of the 

layered oxides. Chromaticity is a quality of color determined by hue and intensity,147 and  
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Table 7.2  Values for the average roughness, Ra, RMS roughness, Rq, and peak-to-valley 
distance, PV, measured with optical interferometry. 

No. Layers Pre/Post 
Polarization 

Ra Rq PV 

475 mm/s 
6 Pre 0.2152 0.2729 2.676 
6 Post 0.3578 .4503 7.407 
4 Pre 0.2453 0.3134 3.531 
4 Post 0.4805 0.6308 16.11 
2 Pre 0.2521 0.3204 2.831 
2 Post 0.3131 0.4413 18.17 

550 mm/s 
12 Pre 0.3187 0.4077 3.724 
12 Post 0.3223 0.4130 4.902 
5 Pre 0.2246 0.2858 2.580 
5 Post 0.4460 0.5956 9.271 
3 Pre 0.1857 0.2372 3.137 
3 Post 0.3031 0.4350 13.12 

Figure 7.1  Optical interferograms of a 550 mm/s, 3 layer oxide before (a) and after (b) 
anodic polarization, showing increase in roughness from pitting. 

as Cartesian coordinate values are easily calculated, chromaticity information could be 

archived as a mechanism for counterfeit detection.111 The x- and y-chromaticity 

coordinates, determined by implementing a CIE 1931 standard photopic observer and 
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D65 illuminant standard, are plotted in Figure 7.2, and are overlaid on the CIE 1931 color 

space.148,149 As indicated by Adams et al.111 untreated 304L stainless steel substrate  

Figure 7.2  X- and y-chromaticity coordinates for 475 mm/s layered oxides (a) and 550 
mm/s layered oxides, before and after anodic polarization are overlaid on the CIE 1931 

color space. 

(a) 

(b) 

(a)

(b)

y 
y 
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has chromaticity of x=0.315, y=0.334; chromaticity values which lie in the interior of the 

CIE color space are unsaturated. Anodic polarization results in a shifting of chromaticity 

values. Both x- and y-coordinates decrease after polarization of oxides grown using a 

scan speed of 550 mm/s. Conversely, for oxides grown at 475 mm/s the y-coordinates 

increase, the x-coordinate of the 2 layer film increases, and x-coordinates of the 4 layer 

and 6 layer films decrease. The total shifts are minimal, but correspond to film 

degradation during anodic polarization. 

Potentiodynamic anodic polarization curves of oxides grown at a laser scan rate of 

475 mm/s and 550 mm/s are presented in Figure 7.3a and 7.3b, respectively. The anodic 

polarization curve for untreated SS 304L is included for comparison on both plots. The 

untreated SS 304L behaves as a typical passive metal subjected to pitting corrosion.150 

Stainless steel is known to be susceptible to pitting at low potentials in chloride 

containing solutions; in this case, pitting effectively begins at 0 V vs. Ag/AgCl. 

Furthermore, anodic current densities at the highest polarization potentials are large and 

limited by concentration polarization phenomena. 

Oxides grown at both 475 mm/s and 550 mm/s show no improvement in localized 

corrosion resistance compared with the untreated steel, as the corrosion potentials for all 

laser-treated samples are more cathodic than for the virgin SS 304L. Additionally, all 

laser treated samples show an increase in anodic current densities compared with the 

untreated material and are concentration polarization limited at large polarization 

potentials. Comparing the oxides fabricated at 550 mm/s reveals that the breakdown 

potential for the 3-layer film is slightly more noble than for the 5-layer film, both of 

which are more noble than the virgin SS 304L. In contrast, the 12-layer film shows only  
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Figure 7.3  Anodic polarization curves generated for layered oxide films fabricated at 475 
mm/s (a) and 550 mm/s (b). 

active behavior, which is once again concentration polarization limited. Oxides grown at 

475 mm/s behave similarly; the breakdown potential for the 4-layer film is greater than 

the 2-layer film, both of which are greater than the 6-layer film and the untreated SS 

304L. The 6-layer film appears to passivate just slightly prior to reaching the breakdown 
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potential. While the anodic current densities for the 475 mm/s oxides are larger than the 

untreated steel, they are generally lower than the anodic current densities measured for 

the 550 mm/s oxides. Similarly the cathodic shift in corrosion potentials is less 

pronounced for the 475 mm/s oxides than for the 550 mm/s oxides. Thus, in general, 

oxides fabricated at 475 mm/s are more resistant to localized corrosion than oxides grown 

at 550 mm/s. 

Optical micrographs of the layered oxide films before and after anodic 

polarization, shown in Figure 7.4 (475 mm/s) and Figure 7.5 (550 mm/s), confirm the 

electrochemical data. In general, oxide degradation is more severe for oxides grown at 

550 mm/s. The pits formed are larger and/or more prolific for the 550 mm/s films. Pitting 

is more severe for oxides with 3 and 5 layers than for the 12-layer film. Pit morphology is 

impacted by exposure direction—samples were suspended vertically, thus pits are 

elongated. Fewer pits are observed for oxides grown at 475 mm/s; those that are observed 

are less severe than the pits that develop in the 550 mm/s oxides. 

Salt spray testing results generally follow the same trends observed in anodic 

polarization. A corrosion product deposits on the surface of all oxides, as shown in Figure 

7.6a-c and Figure 7.7a-c. The most pervasive corrosion product developed on the surface 

of the 5-layer and 12-layer oxides. The deposition of a corrosion product indicates that 

the oxides are not impervious to chloride containing solutions and the substrate melt zone 

is likely still depleted of Cr after laser processing, even for the thinnest films. However, 

comparing Figure 7.6a-c and Figure 7.7a-c with Figure 6.5 it is evident that corrosion of 

the substrate is, in general, less severe.  
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Figure 7.4  Optical micrographs of 475 mm/s layered oxides before (a-c) and after (d-f) 
anodic polarization in 3.5% NaCl solution. 

Figure 7.5  Optical micrographs of 550 mm/s oxides before (a-c) and after (d-f) anodic 
polarization in 3.5% NaCl solution. 

Furthermore, upon inspection of Figure 7.6d-f and Figure 7.7d-f, it is clear that 

the laser-fabricated oxide is still intact after the corrosion product has been removed from 

the surface, although the surface reflectance is changed due to degradation. The  
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Figure 7.6 Optical micrographs of 475 mm/s layered oxides after 168 hours of salt fog 
exposure (a-c) and after removing the corrosion product with oxalic acid cleaning (d-f). 

Figure 7.7 Optical micrographs of 550 mm/s layered oxides after 168 hours of salt fog 
exposure (a-c) and after removing the corrosion product with oxalic acid cleaning (d-f). 
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samples were cleaned with a natural source of oxalic acid, which is commonly used as a 

rust remover. This process removed the rust-like corrosion product deposited on top of 

the oxides, but leaves the oxides intact, indicating that while the oxides are not 

impenetrable for chloride ions, which can result in substrate corrosion, the coatings do 

resist chloride degradation to varying degrees. The 3-layer film is the only coating that 

does not appear to have suffered any dissolution after exposure. Additionally, closer 

inspection of the oxides with electron microscopy show similar behavior to that seen in 

the single layer films—namely that channel cracks are the likely points of ingress for 

corrosive ions, which can cause crack widening, pit development, and some oxide 

degradation, in addition to substrate corrosion, likely by a crevice mechanism. Figure 7.8 

presents electron micrographs of oxides cleaned after salt fog exposure; the 3-layer film 

shows no discernible surface dissolution but the channel cracks are clearly visible, while 

surface degradation is obvious for the 12-layer film. In contrast with the single-layer 

films, all the layered-oxide films manifest channel cracking. Though the residual stresses 

in these films have not been investigated, the presence of cracks seems to contribute to 

film degradation and substrate corrosion. 
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Figure 7.8 Electron micrographs of a 3-layer oxide (a) and a 12-layer oxide (b) after salt 
fog exposure and subsequent oxalic acid cleaning. No surface degradation is apparent for 
the 3-layer film, conversely, the 12-layer coating shows severe oxide dissolution; surface 

channel cracks are still apparent, as shown in (c). 

7.4 Conclusions 

In an effort to tailor laser processing in order to mitigate the corrosion caused by Cr 

depletion in the melt zone generated by laser heat input, multi-layered oxides were 

fabricated on SS 304L. Individual layer thicknesses were kept small, but total layer 

thickness encompassed the range of thicknesses generated previously for single layer 
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films. Surface structure and morphology, color, mechanical properties, and corrosion 

resistance of layered oxides were interrogated. 

1. Layered films grown using a laser scan rate of 475 mm/s tend to be more resistant 

to both localized and general corrosion than oxides fabricated with a scan rate of 

550 mm/s. 

2. Though the Cr-depleted substrates are still susceptible to corrosion in a chloride-

containing environment, any corrosion product that deposits on the surface of the 

oxides can be removed by cleaning with oxalic acid. Importantly, the laser-

fabricated oxide is still present after salt spray exposure and cleaning, suggesting 

that the oxide is relatively stable in harsh conditions. 

3. As with previously investigated single-layer films, layered oxides are 

considerably harder than the substrate. The overall surface roughness is inversely 

proportional to oxide thickness and increases after anodic polarization. 

Additionally, the chromaticity of the oxides changes slightly after localized 

corrosion, but a general trend may be extracted allowing the chromaticity of the 

films to be archived.  

Nanosecond pulsed laser irradiation can be successfully employed to fabricate layered 

oxide coatings which are both mechanically robust and resistant environmental 

degradation.  
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CHAPTER 8. HYDROGEN-INDUCED MECHANICAL PROPERTY EVOLUTION 
IN NICKEL 

8.1 Introduction 

Safe and effective storage and transport of gaseous hydrogen is a vital step 

towards utilizing hydrogen as an energy carrier. Degradation of metallic systems exposed 

to hydrogen, especially those used in pressure vessels, tanks, and pipelines can lead to 

unexpected catastrophic failures. Hydrogen has been linked to a decrease in ductility, 

fracture strength, and fracture toughness in many metals, i.e., the well-known 

phenomenon of hydrogen embrittlement, and has resulted in loss of life in engineering 

failures in the energy industry. Current theories regarding the specific mechanisms 

associated with hydrogen embrittlement can be grouped into three classifications: (1) 

hydride formation, where brittle hydride precipitates ease fracture by providing a low 

energy path, (2) hydrogen-enhanced localized plasticity, where hydrogen impacts local 

instabilities associated with plastic flow, and (3) decohesion mechanisms where hydrogen 

at interfaces lowers cohesive strength. The first mechanism has been established as 

operative when hydrides are thermodynamically stable in materials, or can be stabilized 

by an applied stress. Materials which suffer from hydrogen-enhanced localized plasticity 

(HELP) fracture via a highly localized plastic deformation, as compared to embrittlement 

mechanisms.151 This mechanism suggests that failure in the presence of hydrogen 

proceeds by locally ductile processes and that hydrogen enhances rather than retards the 
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motion of dislocations. In many structural materials, such as high strength steels and 

nickel-based alloys, hydrogen embrittlement is characterized by decohesion on grain 

boundaries or interfaces, resulting in low-toughness intergranular fracture in non-hydride 

forming systems; embrittlement occurs without significant plastic deformation.152–155 

These observations led to the postulate that solute hydrogen decreases the cohesive force, 

and corresponding surface formation energy, required to separate the crystal along a 

crystallographic plane, grain boundary, or particle/matrix interface. This postulate, called 

the hydrogen enhanced decohesion (HEDE) mechanism suggests that dislocation motion 

is limited to maintain atomically sharp crack tips (though dislocation motion may work to 

increase stress at decohesion sites by strain gradient hardening156,157 or similar processes). 

Hydrogen acts directly at the crack tip and surface diffusion from adjacent parts of the 

fracture surface is responsible for maintaining the crack tip hydrogen concentration.157 

The interstitial hydrogen concentrations and corresponding elastic stresses required to 

produce decohesion ahead of a crack are likely quite high; debate surrounds whether they 

can be achieved simultaneously.158 However, it may be possible to satisfy the 

requirements for HEDE at a number of microstructural sites such as: atomically sharp 

crack tips where surface hydrogen is adsorbed, at positions of maximum hydrostatic 

stress, or at particle-matrix interfaces ahead of a crack.159  

Direct experimental evidence for HEDE is difficult to attain due to the lack of 

techniques for observing atomic-scale events in bulk material. However, high hydrogen 

concentrations have be observed at critical locations, such as grain boundaries and 

particle-matrix interfaces160,161 resulting in increased intergranular fracture in some 

systems.162,163 Easier field-evaporation of surface atoms during field-ion microscopy of 
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Fe using hydrogen as an imaging gas has also been reported supporting the hypothesis 

that hydrogen can weaken interatomic bonds,164 thereby reducing cohesive strength. 

Furthermore, atomistic models suggest that the interatomic bond strength may be 

weakened by the presence of hydrogen between atomic planes in Al165 and that solute 

hydrogen leads to reduction of fracture toughness in high-strength alloys.166 Fractography 

utilizing TEM foils has revealed atomically brittle intergranular fracture in materials with 

impurity segregation at grain boundaries,167 and atomistic modeling efforts indicate that 

segregation of S weakens interatomic bonds in Fe and Ni.168 It is reasonable to extend a 

similar weakening effect to a small, easily diffusible atom such as hydrogen. 

Realizing that a “one size fits all” mechanism explaining observations of hydrogen 

embrittlement is unlikely, this study seeks to identify specific processes leading to 

degradation in the presence of hydrogen in an effort to understand the interrelationships 

between the proposed mechanisms. A model material system, namely commercially pure 

Ni-201 is chosen for this investigation because it is a representative system for important 

engineering alloys such as nickel-based superalloys and austenitic stainless steels and 

because its stacking fault energy is sufficiently high so as to allow dislocation cross-slip. 

With these material attributes in mind, material response can be predicted for the 

dominant embrittlement mechanisms, allowing the net mechanism to be identified more 

easily. For example, if HELP is the dominant mechanism, it is likely that hardness would 

increase and dislocation cross-slip would be restricted. Conversely, if HEDE is dominant, 

an overall decrease in bulk modulus (which is inversely related to the compressibility and 

thus directly related to the cohesive energy of atomic bonds) may be observed. Given the 

expected responses, nanoindentation is identified as an ideal experimental method to 
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probe local material response and slip-boundary interactions in the presence of hydrogen, 

as it has been used to investigate small-volume material behavior in a variety of materials, 

including Ni and other alloys cathodically charged in-situ.169–171 Thus, bulk and shear 

modulus are calculated from elastic modulus measured with nanoindentation as a 

function of crystallographic orientation for a small volume of a polycrystalline metal 

sample. Additionally, dislocation nucleation and motion as a function of orientation and 

charging condition are probed by analyzing the load-depth response during an 

instrumented indentation test. 

8.2 Experimental Procedures 

Experiments were conducted on Ni-201, a commercially pure nickel alloy supplied 

by ATI Allegheny Ludlum, with impurities (in wt.%) of 0.01 C, 0.01 Mn, < 0.01 Fe, 0.05 

Si, < 0.01 Cu, and < 0.001 S. An alloy with an ultralow sulfur concentration was chosen 

for this investigation in order to mitigate sulfur segregation effects, which can be 

pronounced in Ni.162 The as-received Ni-201 plate was annealed at 900oC for 1 hr to 

encourage grain growth. Three small specimens were then cut from the annealed plate. 

Samples 1 and 2 were prepared by grinding through 1200 grit SiC papers, polishing 

through 1 μm diamond polish, followed by a final polish with 0.02  μm colloidal silica 

suspension, while sample 3, prepared later, was ground through 1200 grit SiC papers, 

polished through 1 μm diamond polish, and finally vibropolished with 0.02  μm colloidal 

silica. Microstructure was characterized using electron backscatter diffraction (EBSD) 

orientation mapping conducted with a Phillips XL-40 field emission scanning electron 

microscope at 30 kV. Grain orientations were determined using TSL OIM data collection 
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and analysis software; grains with near-(001), (101), and (111) orientations were selected 

for investigation from samples 1 and 2, while grains with intermediate orientations were 

located in sample 3. Figure 8.1 shows sample grain boundary misorientation maps 

obtained via a Hough-based EBSD analysis of large area (~1.5 mm x 2 mm) scans 

utilizing 4 x 4 detector binning and a hexagonal grid with a step size of 10 μm. 

Nanoindentation measurements to determine mechanical properties were performed using 

a Nanoindenter XP equipped with a nominally 150 nm radius Berkovich probe. Stiffness, 

modulus, and hardness values were obtained through dynamic indentation using the 

continuous stiffness module (CSM) at a frequency target of 20 Hz, displacement target of 

1 nm, and a 1500 nm depth limit. Indents were arranged in 7 x 7 arrays with a 25 μm 

spacing, ensuring no indent was affected by the plastic zone of a previous indent.  

Atomic hydrogen was dissolved into the three specimens, as well as two additional 

specimens for LECO analysis, by thermally charging in high-pressure hydrogen gas. The 

specimens were inserted into a thick-walled stainless steel (A-286) pressure vessel and 

then placed in a furnace. Residual gases were removed from the sealed pressure vessel 

and gas-handling manifold using a purging and evacuating sequence. Three 

purge/evacuation cycles were conducted with helium, followed by three cycles with 

hydrogen. Once the purging/evacuation cycles were completed, the pressure vessel was 

heated and filled with 99.9999% hydrogen gas. Charging was conducted at elevated 

temperature to enhance hydrogen diffusion, thereby minimizing charging times, but 

temperatures were limited to avoid thermally activated microstructural changes in the 

nickel. Based on previous work172 a charging cycle was selected to achieve a hydrogen 

concentration of ~2000appm. Samples were charged at a hydrogen gas pressure of 82 
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MPa and a temperature of 200oC for 280 hrs. Hydrogen-charged specimens were stored 

at subfreezing temperature until indentation could be performed, and samples for LECO 

hydrogen analysis were transported in dry ice, to minimize hydrogen loss. Indentation 

was again performed in the selected grains with the method described previously. 

Figure 8.1 Inverse pole figure maps indicating grain orientations. Grains selected for 
indentation have been labeled with their approximated orientations. Their locations have 

been marked on the inset stereographic triangle. 

8.3 Results 

LECO analysis determined the average bulk hydrogen concentration in the samples 

to be 16.06 at. % (2000 appm). Due to hydrogen egress a concentration gradient will 

develop between the surface and the bulk, thus the relatively shallow depths probed by 

nanoindentation will have a concentration less than the bulk. Previous calculations have 

estimated that the hydrogen content will decrease to approximately half the bulk 
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concentration at ~13  μm from the surface. Though it is difficult to determine the 

hydrogen concentration in the volume beneath each indent, all indents detected 

appreciable changes in mechanical properties in the hydrogen-charged condition, thus it 

is reasonable to assume dissolved hydrogen impacts material properties. 

Dynamic nanoindentation was performed by the CSM technique. Table 8.1 

summarizes the average elastic modulus and hardness values before and after hydrogen 

charging. Elastic modulus shows a pronounced decrease in the presence of hydrogen, on 

the order of 22%, while indentation hardness appears to be relatively insensitive to 

hydrogen. In order to avoid surface asperity and tip imperfection affects, modulus and 

hardness values were tabulated in a range where the plot of the ratio of load over stiffness 

squared, P/S2, vs. indentation depth, d, was approximately constant; an example is shown 

in Figure 8.2. Oliver and Pharr7 suggested this procedure as a calibration on fused silica 

to remove load frame compliance effects working from the proposal that at depths greater 

than a few hundred nanometers, where hardness and modulus should be independent of  

Table 8.1  Hardness, H, and elastic modulus, E, of Ni-201 samples before and after 
hydrogen charging as a function of crystallographic orientation. Theoretical indentation 

modulus, M, is included for comparison with measured values prior to charging. Modulus 
decreases after hydrogen charging, while hardness, which decreases only slightly, is 

relatively insensitive to hydrogen content. Values are averaged for more than 35 indents 
per grain. Measured elastic modulus values differ from theoretical values by about 3%. 

Orientation Theoretical Modulus  
(GPa) 

Modulus  
(GPa) 

Hardness  
(GPa) 

 Calculated Before H H-charged Before H H-charged 
001 194 202±7 155±12 2±0.2 2±0.2 
101 215 209±6 171±15 2±0.1 2±0.2 
111 222 224±7 180±33 2±0.2 2±0.9

001-111  221±17 179±19 3±0.5 2±0.3 
001-101  228±16 177±21 3±0.2 2±0.3 
101-111  224±12 190±24 3±0.3 2±0.3 
101-111  218±21 189±18 3±0.4 2±0.2 
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depth, P/S2should also be constant according to: 

. Equation 8.1 

In Eq. (1) H is the sample hardness, E is the elastic modulus, and β is a constant which 

has traditionally been used to account for stiffness deviations resulting from axial 

asymmetries of pyramidal indenters, and is generally taken as 1.034 for Berkovich 

indenters. This procedure reveals that data taken at shallow depths should be ignored due 

to measured hardness variation resulting from tip imperfections. At large indentation 

depths, geometrical similarity of the pyramidal indenter as well as homogenous “bulk-

like” properties of the sample ensure that the mean pressure or calculated hardness 

remains essentially constant with depth. In general, P/S2 data became constant at 

indentation depths greater than ~200 nm, thus only hardness and modulus values 

collected for indent depths greater than 200 nm were analyzed.  

Figure 8.2 Plot of P/S2 as a function of indentation depth. Data below 200 nm (marked 
with dashed line) were not analyzed for average mechanical properties. 
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Additionally, because these indentation experiments were performed within 

individual grains of a cubic crystal, the elastic properties will be highly anisotropic. 

Traditional indentation contact mechanics analyses were developed for isotropic 

materials, thus it is important to correct for the anisotropy of measured properties. 

Vlassak and Nix173 have shown that the indentation modulus can be calculated for 

arbitrary anisotropic solids. They calculated the contact stiffness for a flat triangular 

punch and a half space for various anisotropic materials. Their formulae are employed 

here to derive theoretical indentation moduli for specific grain orientations and indenter 

geometries; these theoretical values are compared to experimentally measured moduli to 

verify that the measured values are reasonable. Indentation modulus, M, for a solid with 

cubic crystal symmetry is calculated from: 

, Equation 8.2 

where the pre-factor 1.058 is a stiffness adjustment for tips with a triangular geometry, E 

is the elastic modulus, and βhkl is a correction factor calculated by: 

. Equation 8.3 

In the above formula, A is the anisotropy factor, and a, c, B, are constants determined 

from the Poisson’s ratio in the cube directions. M has been calculated for each of the cube 

directions in Ni using tabulated values for elastic modulus,17 and are compared with 

modulus values measured for uncharged grains in Table 8.1. Measured elastic modulus 

values differ from the theoretical value by about 3%, indicating that: (1) comparing 

measured modulus values will provide an accurate assessment of property changes as a 
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function of hydrogen charging, and that (2) it is reasonable to use the measured elastic 

modulus values to calculate the bulk and shear modulus of Ni for further analysis. 

The observed decrease in modulus with no corresponding increase in hardness 

indicates that hydrogen may adversely affect the strength of atomic bonds in this material 

(quantified by comparing bulk modulus) while also impacting the motion of dislocations 

causing plastic deformation (compared by evaluating shear modulus), before and after 

hydrogen exposure.  Based on the relationship between elastic modulus, E, and Poisson’s 

ratio, υ, the bulk modulus, B, was calculated with: 

,  Equation 8.4 

while the shear modulus, G, of each indented grain was calculated using: 

.  Equation 8.5 

Calculated bulk and shear modulus values are tabulated as function of orientation before 

and after hydrogen charging in Table 8.2. As with measured elastic modulus, calculated 

bulk and shear modulus tend to decrease by approximately 22% in the presence of 

hydrogen. The dramatic change in mechanical properties in the presence of hydrogen can 

be identified in the disparity in unloading slopes of two representative load-depth curves, 

shown in Figure 8.3.
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Table 8.2  Bulk modulus, B, shear modulus, G, calculated from elastic moduli in Table 
8.1, as well as interatomic spacing, r0, and number of pop-ins, as a function of charging 

condition. Shear modulus decreases, while interatomic spacing correspondingly increases 
when Ni-201 is hydrogen charged. Additional pop-in events are required to achieve full 

plasticity in the presence of hydrogen. 

Figure 8.3  Representative load-depth curves generated to evaluate unloading slopes with 
respect to hydrogen content. The slopes have been labeled for each curve, the unloading 
slope changes when the microstructure is saturated with hydrogen, indicating that a clear 
difference in mechanical properties should be observed. Additionally, the loading slope 
varies little between conditions indicating hardness varies only slightly with hydrogen 

charging, and always decreases. 

Orientation B (GPa) G (GPa) R0 (GPa) No. of Pop-ins 
 Before 

H 
H-

charged 
Before 

H 
H-

charged 
Before 

H 
H-

charged 
Before 

H 
H-

charged 
001 168.8 129.6 132.3 101.8 0.0099 0.0128 17 18 
101 174.2 142.6 136.9 112.1 0.0096 0.0116 17 18 
111 186.3 149.8 146.7 117.7 0.0089 0.0111 15 18 

001-111 183.8 149.8 177.5 117.7 0.0091 0.0111 11 14 
001-101 190.7 147.6 149.9 116.0 0.0087 0.0113 11 15 
101-111 186.7 158.8 153.9 124.8 0.0085 0.0105 10 14 
101-111 181.1 157.8 142.3 123.9 0.0092 0.0106 11 17 
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8.4 Discussion 

8.4.1 Correlation of Bulk Modulus and Cohesive Energy 

The cohesive energy and bulk modulus are important quantities in determining 

the stability of atomic structures under various conditions. Cohesive energy, in physical 

terms, is the “energy that must be added to the crystal to separate its components into 

neutral free atoms at rest, at infinite separation, with the same electronic 

configuration”.174 In terms of metallic crystal structure, the cohesive energy indicates the 

force required to separate a crystal along atomic planes, interfaces, or grain boundaries. 

Realizing that most plastic failures occur by shearing atomic planes, and resistance of a 

material to imposed stresses arises from the strength of interatomic bonds, comparison of 

the bulk modulus provides a method for linking macroscale behavior with microscale 

phenomena. 

Previous studies175,176 have attempted to relate cohesive energy to the bulk 

modulus (inverse of compressibility) of materials with multiple crystal structures and 

bond types, but a more direct correlation was found by comparing the cohesive energy 

density (energy per atomic volume) with the bulk modulus.177 Changes in bulk modulus, 

resulting in variations in interatomic bond length should alter the energy of the 

interactions (i.e. cohesion) as well as the volume of material experiencing a force. This 

should consequently affect the cohesive energy density. Indeed, a plot of the bulk 

modulus versus cohesive energy density of face centered cubic (FCC) transition metals 

results in a linear relationship with a correlation factor 0.93, as shown in Figure 8.4, 

which was adapted from the work of Wacke et al.177 Thus comparing the bulk modulus of 

Ni-201 (a group VIII B metal) in an uncharged and hydrogen charged condition appears 
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to provide a valid method for determining the effect of hydrogen on the cohesive energy 

in Ni.  

Figure 8.4  Linear relationship between bulk modulus and the cohesive energy density 
indicates that comparing bulk modulus is a method for evaluating the effect of solute 
hydrogen on the cohesive energy between atomic planes. Adapted from Wacke, S., 

Górecki, T., Górecki, C. & Książek, K. Relations between the cohesive energy, atomic 
volume, bulk modulus and sound velocity in metals. J. Phys. Conf. Ser. 289, 012020 

(2011). 

In order to compare the effect of hydrogen on atomic bonding more directly, we 

can integrate the measured elastic modulus and the potential well concept thereby 

estimating the equilibrium interatomic spacing as a function of hydrogen charging. A 

typical interatomic potential function has the form: 

,  Equation 8.6 
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where V(r) is the potential as a function of interatomic spacing, A and B are constants, 

and r is the interatomic spacing. Taking the derivative of the this function yields a force 

as a function of interatomic spacing, F(r): 

. Equation 8.7 

Realizing that at spacings very close to the equilibrium interatomic spacing, r0, the curve 

looks like a straight line, the slope can be determined by taking the derivative of the force 

function, yielding the following: 

, Equation 8.8 

where k is the “spring” constant, as in Hooke’s Law. This equation indicates, as does 

Hooke’s Law, that in the vicinity of r0 there is a restoring force that is proportional to the 

distance from r0, and the spring constant can be determined from the interatomic potential. 

Since the interatomic force has been modeled as a spring, there must be a relationship 

between k and the elastic modulus. Applying the definitions of stress and strain to 

Equation 8.8 we obtain the relationship: 

, Equation 8.9 

where σ is stress, e is strain, and the ratio σ/e is equivalent to the elastic modulus, E. By 

this relationship, elastic modulus is equivalent to the microscopic “spring” constant, thus 

elastic modulus is directly proportional to the attractive potential and varies inversely 

with interatomic spacing. Combining Equation 8.8 and Equation 8.9, we find that 
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. Therefore, using the elastic modulus values measured via nanoindentation, 

the interatomic spacing can be estimated and the relative change as a function of 

hydrogen charging can be evaluated. Interatomic spacing values, in terms of the constant 

A, are collected in Table 8.2. On average, the interatomic spacing increases by 20-25% 

when the lattice is saturated with hydrogen. This corresponds with an average 20-25% 

decrease in bulk modulus in a hydrogen-charged lattice.  

The decrease in the measured elastic modulus and calculated bulk and shear 

moduli agrees with studies conducted on thermally charged 21-6-9 stainless steel by 

Nibur et al.,178 which detected a 21% decrease in elastic modulus measured by 

nanoindentation, as well as with a study by Barnoush and Vehoff169 reporting a 28% 

decrease in the shear modulus of Ni that was cathodically charged in-situ and indented. 

The authors of the latter paper attribute the decrease in shear modulus to a hydrogen-

induced reduction in cohesive energy. Other published data have detected smaller 

hydrogen-induced reductions in elastic modulus179,180 and shear modulus.180  

Conversely, the measured hardness of Ni-201 does not change appreciably with 

the addition of hydrogen to the lattice. This is in contrast with other indentation studies, 

which noted increases in hardness of nearly 30%.178 A constant hardness suggests that 

there is no macroscopic increase in flow stress associated with hydrogen charging. 

However, many studies have suggested that hydrogen solute atoms will affect dislocation 

mobility and velocity, causing plasticity at lower loads than when the microstructure is 

free from hydrogen. In order to evaluate the impact of hydrogen solute atmospheres on 
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dislocation motion, in the absence of an appreciable hardness variation, the onset of 

plasticity as observed through nanoindentation load-depth curves is analyzed.  

8.4.2 Impact on Elastic-Plastic Transition 

Closer examination of the initial loading portion of the load-depth curves typified 

by Figure 8.3 reveals “staircase” yielding proceeding from the initial yield point, or pop-

in, to the final load at which full plasticity around the indentation is attained. Various 

studies31,181 have indicated that the dislocation density in a well-annealed and 

electropolished sample is so low that surface dislocations are spaced on the order of 1-10 

μm apart, thus it is likely that an indentation test will probe a dislocation-free volume. In 

this case, the material will load elastically until a stress approaching the theoretical shear 

strength is reached. This stress is usually on the order of G/10-G/50, where G is the shear 

modulus; thus the stress required to nucleate dislocations tracks with the shear modulus 

of the material.182 When this stress is attained, a dislocation is nucleated and will develop 

into a Frank-Read source, resulting in dislocation multiplication. Rapid multiplication of 

dislocations allows the indenter tip to move deeper into the surface without a 

corresponding load increase, which is recorded as a depth excursion, or pop-in. Thus, 

analyzing the observed step-wise yielding reveals information about the effect of 

hydrogen on plasticity in Ni and relates to the observed decrease in modulus in the 

presence of hydrogen. 

With a stacking fault energy of ~128 kJ/mol,183 plasticity in Ni is characterized by 

the ability to cross-slip when the primary system is not oriented for easy glide. Assuming 

the initial excursion is attributed to a single Frank-Read source, all dislocations emitted 
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from this source will have the same slip system. However, due to the hemispherical stress 

field under the indenter tip, additional material displacement will need to be 

accommodated, requiring either cross-slip to a secondary system or additional dislocation 

nucleation. Multiple excursions during the staircase yielding phenomena indicate that 

additional dislocation nucleation is at least partially responsible for this accommodation. 

As shown in Table 8.2, additional excursions are detected during staircase yielding in the 

presence of hydrogen. It has been suggested that hydrogen may stabilize the edge 

component of mixed dislocations, thereby limiting cross-slip,184 and necessitating 

additional dislocation nucleation or source activation in order to accommodate 

deformation. The observation of multiple additional excursions during yielding in H-

charged Ni support the proposal that H may inhibit dislocation cross-slip, requiring 

deformation to proceed by successive dislocation nucleation events. 

Additionally, there is a clear orientation dependence on the increase in detected 

excursions in H-charged Ni-201. Grains oriented in (001) and (101)-type directions 

require fewer additional excursions to achieve plasticity than those oriented towards 

(111). This dependence may be explained by the preferred slip systems in Ni; the “soft” 

orientations, those near (101) are least likely to exhibit slip on a secondary system 

because the resolved shear stress in these orientations is low. Alternatively, “hard” 

orientations such as (111) lie in a region of the stereographic triangle where multiple slip 

systems have the same resolved shear stress and will tend to operate,185 thus it seems 

reasonable that fewer nucleation events will take place in the (111) oriented grain prior to 

plasticity as cross-slip may be favorable. However, when hydrogen is dissolved in the 

lattice a greater number of excursion events are observed in the ‘hard’ orientations 
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suggesting that hydrogen may indeed limit cross-slip, requiring additional nucleation and 

activation events to accommodate material deformation. 

Furthermore, because dislocation nucleation is a shear-biased event,29,30 the stress 

required for incipient plasticity lends insight into the mechanism responsible for 

mechanical behavior changes. The maximum shear stress beneath the indenter tip during 

elastic loading is described by:18 

, Equation 8.10

where P is the indentation load at pop-in, R is the instantaneous radius of the indenter tip 

at the moment of pop-in, calculated as: 

.  Equation 8.11 

Again, P is the indentation load, δ is the depth of the indenter contact at the moment of 

pop-in, and E*, in both Equation 8.10 and Equation 8.11, is the reduced modulus of the 

material which accounts for tip compliance. E* is calculated from: 

,  Equation 8.12 

where the subscript i refers to the indenter. Figure 8.5 presents a cumulative fraction of 

events plot of maximum shear stress for the orientations corresponding to the vertices of 

the stereographic triangle. The intermediate orientations will follow similar trends. The 

maximum shear stress required for incipient plasticity decreases when the microstructure 

is saturated with hydrogen, though maximum shear stress does not appear to be a  
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Figure 8.5  Maximum shear stress beneath the indenter tip, calculated using the load and 
depth at the onset of plasticity, i.e. the first excursion. τmax for all orientations decreases 

when the material is hydrogen charged. 

Figure 8.6.  Stress required for initiating dislocation motion, in terms of shear modulus, 
as a function of charging condition and orientation. The minimum stress varies only 

slightly with the addition of hydrogen, while the overall trends and maximum stresses 
vary widely between uncharged and hydrogen-charged material, but minimally between 

orientations.
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function of orientation. These values are related to the calculated shear moduli as τmax/G, 

plotted in Figure 8.6, revealing that the stress required for initial dislocation nucleation 

decreases for hydrogen charged material. This is in agreement with computational 

results,186 which showed that the first excursion load is significantly lower when Ni is 

charged with 1 at. % H, and with other experimental results that indicate hydrogen 

enhances dislocation nucleation.170,187 In the current study, the minimum stress required 

to initiate dislocation plasticity is nearly insensitive to crystallographic orientation. The 

calculated τmax/G values are lower than what we might expect (G/30) suggesting that the 

defect density is large enough that a defect is always sampled and is a source of 

nucleation behavior, thus it dominates over orientation dependence. Furthermore, the 

range of shear stresses observed experimentally at the onset of plasticity indicate that 

dislocation nucleation may initiate at a local defect site, specifically a solute H atom or a 

H-induced vacancy, rather than in a totally defect free volume. Thus, solute hydrogen 

may play a dual role in embrittling kinetics: reducing the cohesive energy of the material 

and also serving as a local site for the additional dislocation nucleation events required 

for material deformation. 

8.5 Summary and Conclusions 

Nanoindentation and electron backscatter diffraction were employed to investigate the 

orientation dependent effects of hydrogen on the mechanical behavior and onset of 

plasticity in ultra-low sulfur Ni-201. Evaluating changes in bulk modulus, shear modulus, 

and yield behavior led to three main conclusions. 

1. The measured elastic modulus, and subsequently calculated bulk modulus and 

shear modulus, decrease approximately 22% when Ni-201 is thermally charged 
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with hydrogen. The sharp reduction of bulk modulus is correlated with a decrease 

in the cohesive energy between atomic bonds, which supports a macroscopic 

grain boundary decohesion failure mechanism. There is a pronounced orientation 

effect, owing to the anisotropy of polycrystalline Ni. As expected the modulus is 

highest in (111)-type grains, and lowest in (001)-type grains. 

2. Ni-201 deforms by a staircase yielding mechanism, that is, multiple depth 

excursions are required to achieve plasticity, in both the uncharged and hydrogen 

charged conditions. When the microstructure is saturated with hydrogen, 

additional excursion events are observed prior to general plasticity. This suggests 

that additional dislocation nucleation events are required to accommodate the 

deformation induced by indentation before the material deforms irreversibly, 

which may be linked to a restriction of cross-slip. Again, an orientation effect is 

resolved. Hard orientations require the activation of a greater number of extra slip 

systems prior to plasticity than soft orientations. 

3. Hydrogen charged Ni-201 yields at lower maximum shear stresses (applied loads) 

than the uncharged material. However, the calculated maximum shear stress does 

not vary with crystallographic orientation. The stress required for initial 

dislocation nucleation has only a small variation as a function of hydrogen content, 

when compared in terms of the calculated shear moduli, suggesting that the 

reduction in cohesive energy is the primary driving force for decreasing the 

energy barrier to initiate plasticity. 

This investigation indicates solute hydrogen may play a dual role in local embrittling 

kinetics in Ni: hydrogen effectively reduces the cohesive force between atomic planes 
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and interfaces, manifested as a decrease in measured elastic modulus and calculated bulk 

modulus, while also serving as a local site for the additional dislocation nucleation events 

required to accommodate deformation when dislocation cross-slip may be restricted. 
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CHAPTER 9. GRAIN BOUNDARY CONTRIBUTIONS TO HYDROGEN-
AFFECTED PLASTICITY IN NICKEL-201 

Previously published by Journal of Materials, Volume 66, pages 1383-1389, in August 
2014. 

9.1 Introduction 

Degradation of metallic systems exposed to hydrogen, especially those used in 

pressure vessels, tanks, and pipelines can lead to unexpected catastrophic failures. 

Hydrogen has been linked to a decrease in ductility, fracture strength, and fracture 

toughness in many metals, i.e., the well-known phenomenon of hydrogen embrittlement, 

and has resulted in loss of life in engineering failures in the energy industry. Thus, 

understanding the microscopic mechanisms that ultimately lead to macroscale failures is 

an important step in mitigating hydrogen embrittlement, thereby enabling effective 

transport and storage of hydrogen. The two microscale mechanisms commonly associated 

with hydrogen degradation of Ni are decohesion, where hydrogen at interfaces lowers 

cohesive strength, and hydrogen-enhanced localized plasticity, where hydrogen impacts 

local instabilities associated with plastic flow.188 

Hydrogen embrittlement of many structural materials, such as high strength steels 

and nickel-based alloys, is characterized by decohesion on grain boundaries or interfaces, 

resulting in low-toughness intergranular fracture in materials that would normally fail in a 

ductile manner; embrittlement occurs without significant macroscopic plastic 
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Deformation.152–155,189 As a result, solute hydrogen is thought to decrease the cohesive 

force, and corresponding surface formation energy, required to separate atomic bonds 

along a crystallographic plane, grain boundary, or particle/matrix interface. This postulate, 

called the hydrogen enhanced decohesion (HEDE) mechanism suggests that dislocation 

motion is limited to maintain atomically sharp crack tips (though dislocation motion may 

work to increase stress at decohesion sites by strain gradient hardening 156,158 or similar 

processes). Direct experimental evidence for HEDE is difficult to attain due to technique 

limitations for observing atomic-scale events in bulk material. However, high hydrogen 

concentrations have been measured at critical locations, such as grain boundaries and 

particle-matrix interfaces 160,161 resulting in increased intergranular fracture in some 

systems162,163. Easier field-evaporation of surface atoms during field-ion microscopy of 

Fe using hydrogen as an imaging gas has also been reported suggesting hydrogen may 

weaken interatomic bonds 164, thereby reducing cohesive strength. Furthermore, atomistic 

models suggest that interatomic bond strength may be weakened by the presence of 

hydrogen between atomic planes in Al165 and that solute hydrogen leads to reduction of 

fracture toughness in high-strength alloys166.  

In contrast to high-strength materials that suffer microscopically brittle fracture 

mechanisms associated with HEDE, lower-strength materials may exhibit hydrogen-

enhanced localized plasticity (HELP).151 This mechanism suggests that failure in the 

presence of hydrogen proceeds by locally ductile processes and that hydrogen enhances 

rather than retards the motion of dislocations. For example, hydrogen atoms forming 

Cottrell atmospheres along a dislocation core interact with the elastic stress fields of 

neighboring dislocations, reducing the repulsion between neighboring dislocations190 and 
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easing motion.  Often, solute Cottrell atmospheres of interstitial atoms causes dislocation 

drag, retarding plastic flow.191 But the mobility of interstitial hydrogen is high enough to 

travel with dislocations, resulting in a stress-shielding effect. 

 Theoretical consideration of the role of hydrogen on local dislocation motion,192 

as well as experimental observations over a range of strain rates and temperatures,193 

suggest that hydrogen in solid solution decreases barriers to dislocation motion, which in 

turn, localizes deformation near the fracture surface.194,195 In essence, macroscopic 

ductility is limited by the onset of highly localized plasticity resulting in apparent 

embrittlement. High resolution fractography of embrittled Fe and Ni show extensive 

plastic deformation adjacent to fracture surfaces;61 additional in-situ environmental cell 

deformation and fracture of various metals and intermetallics demonstrated similar 

localized plasticity.197,198 

The objective of this study is to evaluate potential roles for both HEDE and HELP 

to contribute to hydrogen-induced intergranular fracture, focusing on Ni-201 as a model 

system. Mechanical property and fractographic investigations suggest that grain boundary 

character may have a prominent role in intergranular hydrogen embrittlement;172 special 

low-energy boundaries have been shown to reduce the degree of intergranular fracture of 

hydrogen charged Ni specimens. Accordingly, commercially pure Ni-201 is chosen for 

the current investigation primarily because it is susceptible to hydrogen-induced 

intergranular fracture. While decohesion is identified as the primary mechanism causing 

intergranular fracture, hydrogen-affected plasticity is thought to contribute to the 

process.199 Furthermore, Ni-201 is a representative system for important engineering 

alloys such as nickel-based superalloys and austenitic stainless steels. In addition, its 
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stacking fault energy is sufficiently high so as to allow dislocation cross-slip when 

uncharged, enabling the monitoring of specific dislocation processes. According to the 

HELP theory, a dislocation with both edge and screw components must convert to screw 

configuration locally in order to cross-slip, which requires a redistribution of hydrogen 

around the edge segment, which preferentially attracts hydrogen. But, in the absence of a 

driving force for hydrogen redistribution, dislocations are confined to the original slip 

plane and cross-slip is restricted.200 Nanoindentation has been used to investigate 

dislocation processes in many materials, including hydrogen charged alloys,170,171,201–203 

and thus is selected as an ideal method to analyze the interaction between grain boundary 

misorientation and plastic deformation in hydrogen-charged and as-annealed Ni-201. 

 

9.2 Experimental Procedure 

Experiments were conducted on Ni-201, a commercially pure nickel alloy supplied 

by ATI Allegheny Ludlum, with impurities (in wt.%) of 0.01 C, 0.01 Mn, < 0.01 Fe, 0.05 

Si, < 0.01 Cu, and < 0.001 S. Grain boundary segregation, especially of S in Ni,162 has 

been shown to dramatically alter hydrogen effects on dislocation-grain boundary 

interactions in commercially pure materials;204 to mitigate this issue, an alloy grade with 

an ultralow sulfur concentration was chosen for this investigation. The as-received Ni-

201 plate was annealed at 900oC for 1 hr to stimulate grain growth. Two small specimens 

were then cut from the annealed plate. Samples were prepared by grinding through 1200 

grit SiC papers, polishing through 1  μm diamond polish, followed by a final polish with 

0.02  μm colloidal silica suspension. 
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Figure 9.1  Grain boundary maps (a-b) with boundaries investigated for slip transmission 
behavior labeled. Arrows indicate direction of slip transmission across boundary. 
Boundaries 1-3 are Σ3 recrystallization twin boundaries, boundary 4 is a random 

boundary with a misorientation of ~48o, boundaries 5-6 are random boundaries with 
misorientations of 58o and 59o, respectively. Inverse pole figure maps (c-d) show grain 

orientations. 
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The microstructure was characterized using electron backscatter diffraction 

(EBSD) orientation mapping conducted with a Phillips XL-40 field emission scanning 

electron microscope at 30 kV. Grain boundaries with random misorientation (>15o) as 

well as Σ3 recrystallization twins were identified by TSL OIM data collection and 

analysis software. Figure 9.1 shows sample grain boundary misorientation maps obtained 

via a Hough-based EBSD analysis of large area (~1.5 mm x 2 mm) scans utilizing 4 x 4 

detector binning and a hexagonal grid with a step size of 10 μm; boundaries chosen for 

slip transmission investigation are labeled. 

A Hysitron Ubi nanoindenter equipped with a 60o 150 nm radius conical indenter 

tip was used to make indents along the grain boundaries at peak loads of 5000 μN, 7000 

μN, and 9000 μN. Representative nanoindentation load-displacement records are shown 

in Figure 9.2. The indents were imaged using a Bruker Multimode atomic force 

microscope (AFM) in contact mode. Slip transmission across grain boundaries was 

investigated and slip steps were identified and measured with image processing software. 

Atomic hydrogen was dissolved into the three specimens, as well as two additional 

specimens for hydrogen concentration analysis, by thermally charging in high-pressure 

hydrogen gas. The specimens were inserted into a thick-walled stainless steel (A-286) 

pressure vessel and then placed in a furnace. Residual gases were removed from the 

sealed pressure vessel and gas-handling manifold using a purging and evacuating 

sequence. Three purge/evacuation cycles were conducted with helium, followed by three 

cycles with hydrogen. Once the purging/evacuation cycles were completed, the pressure 

vessel was heated and filled with 99.9999% hydrogen gas. Charging was conducted at 

elevated temperature to enhance hydrogen diffusion, thereby minimizing charging times, 
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but temperatures were limited to avoid thermally activated microstructural changes in the 

nickel. Based on previous work [28] a charging cycle was selected to achieve a hydrogen 

concentration of ~2000 appm. Samples were charged at a hydrogen gas pressure of 82 

MPa and a temperature of 200oC for 280 hrs. Hydrogen-charged specimens were stored 

at subfreezing temperature until indentation could be performed, and samples for LECO 

hydrogen analysis were transported in dry ice, to minimize hydrogen loss. Indentation 

was again performed along the same grain boundaries in Figure 1 for this hydrogen-

charged condition using the method described previously. 

Figure 9.2  Representative load-displacement curves from indents made along a specific 
grain boundary before and after hydrogen charging. Solid lines correspond to indents 

made prior to charging, while dashed lines correspond to indents after hydrogen charging. 

9.3 Results and Discussion 

The average bulk hydrogen concentration in the samples, as determined with an 

inert gas-fusion instrument, is ~2000 appm (35 ppm by weight). Due to hydrogen egress 

a concentration gradient will develop between the surface and the bulk; therefore, the 
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relatively shallow depths probed by nanoindentation will have a concentration less than 

the bulk. Though it is difficult to determine the hydrogen concentration in the volume 

beneath each indent or within grain boundaries, AFM analysis of local deformation 

generated by indentation revealed measurable changes in the hydrogen-charged condition, 

thus it is reasonable to assume dissolved hydrogen impacts plasticity in Ni. 

Hydrogen effects on plasticity can be evaluated by comparing measured hardness 

as well as material pile-up and emergence of slip steps before and after hydrogen 

charging. Indentation-induced plastic deformation is often accompanied by the piling up 

of displaced material around the indent impression. Pile-up of material belies out-of-

plane deformation. In a material with high stacking fault energy (SFENi ~ 120-130 

mJ/m2)183 out-of-plane deformation is associated with dislocation cross-slip. When 

dislocations activated by the applied stress of the indenter emerge on the free surface of 

the sample they often leave behind slip steps. These slip steps typically form repeatable 

patterns within the plastic zone of the indent (piled up region) and can be attributed to 

specific slip planes.205,206 Evaluating AFM images of indents made at varying loads 

indicates that, on average, hydrogen increases the spacing between slip steps (Figure 9.3) 

as well as the total and normalized plastic zone lengths, represented by c and , 

respectively (Table 9.1). The plastic zone length, determined by measuring the extended 

out-of-plane deformation detected with AFM imaging, is defined in the manner of 

Samuels and Mulhearn207 assuming that the plastic zone generated by an indent is 

hemispherical. In reality the plastic zone has an asymmetric shape,208 but to first order, 

the hemispherical approximation is reasonable. The contact radius is determined by 
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Figure 9.3  Measurements of slip steps resolved with atomic force microscopy images 
indicates that the average spacing between slip steps on the free surface increases when 

Ni-201 is hydrogen charged. 

measuring the contact area of each indent then calculating radius, ac, geometrically, 

assuming an equivalent cono-spherical approximation. The increase in is on the 

order of 20%, well beyond any scatter in the measurements.  Normalized plastic zone 

length is the ratio of measured total plastic zone radius, c, to the measured contact radius, 

ac. Conversely, the normalized material pile-up height, , calculated by dividing 

measured vertical deformation, h, by measured contact radius, is insensitive to hydrogen 

charging (Table 9.1). These results suggest that hydrogen enhances dislocation motion 

but restricts cross-slip, resulting in a larger radius plastic zone for a given contact radius 

of indenter. Restricted cross-slip would limit the number of dislocations emerging at the  

free surface, manifested as an increase in distance between slip steps visible on the 

surface of the sample around the indentation impression. Additionally, hardness, H, as 

calculated with the calibrated tip area function and as determined by dividing the 
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maximum applied load, P, by the measured contact radius of the impression, , does 

not change drastically when the material is hydrogen charged. This suggests that the 

increasing plastic zone radius accommodates additional dislocation motion, thereby 

allowing the HELP mechanism to proceed without a noticeable change in the hardness 

that would be calculated using traditional measurement methods.  

Table 9.1  Normalized pile-up height (h/ac), total plastic zone length (c), and normalized 
plastic zone length (c/ac) measured from AFM images before and after hydrogen 

charging. Hardness values output from nanoindenter software (Hindenter) and hardness 
calculated from the maximum applied load divided by contact radius (P/ac) compared as 

a function of charging condition. Pile-up height is insensitive to dissolved hydrogen, 
while plastic zone length increases after charging. Hardness also varies slightly when the 
microstructure is saturated with hydrogen. All values are averages across multiple grain 

orientation. 

Load 
(μN) 

 
(nm/nm) 

c 
(μm)  (μm/μm) 

Hindenter 
(GPa) 

 

(GPa) 
Before 

H 
H-

charged 
Before 

H 
H-

charged 
Before 

H 
H-

charged 
Before 

H 
H-

charged 
Before 

H 
H-

charged 
          

5000 0.10 0.12 1.74 1.96 2.37 2.70 2.49 2.53 2.91 3.10 
7000 0.09 0.09 2.01 2.21 2.52 2.81 2.61 2.58 2.89 3.13 
9000 0.08 0.09 2.34 2.70 2.57 2.92 2.69 2.68 3.00 3.17 

Furthermore, the susceptibility of various grain boundaries to hydrogen 

embrittlement may provide a means for reducing intergranular fracture in hydrogen-

saturated microstructures. Bechtle et al.172 have shown that the degree of intergranular 

fracture of hydrogen charged Ni-201 can be greatly reduced by increasing the fraction of 

special boundaries, such as Σ3 boundaries, present in the microstructure. In the current 

investigation, plastic deformation adjacent to different grain boundaries was induced 

using nanoindentation and slip transmission was observed using AFM. Some clarification 

of the term “slip transmission” is required. While for some low angle grain boundaries, 



159

dislocations may, in fact, transmit across the boundary, for high angle grain boundaries a 

pile up and nucleation process is more likely.209–213 Dislocations will pile up against the 

grain boundary producing a back stress, when the stress has reached a critical value, a 

new dislocation can be nucleated from the grain boundary into an adjacent grain. For the 

special and unique case of Σ3 boundaries (boundaries 1-3), indentations approximately 

equidistant from the boundary show that if transmission is prohibited in the uncharged 

condition, it remains prohibited when the material is charged. An example of this 

situation is shown in Figure 9.4a. Similarly, if transmission occurs across a Σ3 boundary 

when uncharged, it also occurs for indentations equidistant from the boundary when 

hydrogen charged. However, for the more complex case of random high angle boundaries 

deformation transmission across the grain boundaries is less consistent, as shown in 

Figure 9.4b.  Several random high angle boundaries were selected and indentations made 

at a similar distance from the boundary.  In some cases, transmission occurred when the 

material was uncharged but not when the material was hydrogen charged. The question 

then is: are there discernible differences between grain boundary types or pile-up 

characteristics that alter slip transmission behavior in the presence of hydrogen?  

To address changes in slip transmission behavior for random grain boundaries 

after hydrogen charging, the most easily evaluated characteristic is misorientation. As 

indicated in Figure 9.1a, boundary 4 has a misorientation of ~48o, while boundaries 5 and 

6 have misorientations of ~58o and 59o, respectively. For boundary 4, slip lines are 

observed on both sides of the grain boundary both before and after charging, indicating 

slip transmission occurs in both cases. In the case of boundary 5, slip transmission 

occrurs when uncharged, but does not occur when hydrogen charged. The opposite 
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behavior is observed for boundary 6. Consequently, boundary misorientation appears to 

be insufficient in explaining slip transmission behavior in the presence of hydrogen.  

Figure 9.4  EBSD and AFM images of slip transmission characteristics along a Σ3 
boundary (a, top) and along a random grain boundary (b, bottom). 

Depending on the orientation of the slip system activated by the indentation 

relative to the grain boundary, slip steps may be generated either parallel to the boundary 

or nearly perpendicular to it, as noted in Figure 9.5. These preliminary observations 

suggest that the position of the slip systems which result in a pile-up lobe in the indented 

grain impact the nature of the resulting slip steps in the adjacent grain. When the pile-up 

lobes are generated such that slip steps in the indented grain run approximately parallel to 

the grain boundary the slip steps in the adjacent grain are also parallel to the grain 

boundary, as shown in Figure 9.5a. This is likely caused by a traditional Hall-Petch type 

slip-boundary interaction where dislocation motion is impeded by the boundary causing a 
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pile-up, leading to a stress concentration which in turn activates a dislocation source in 

the neighboring grain.209 When the slip steps forming in the indented grain form an acute 

angle with the grain boundary, then the resultant slip steps in the adjacent grain will also 

form an acute angle with the boundary (Figure 9.5b), possibly due to slip continuity 

across the boundary. Continuous slip has been ascribed to screw dislocations or mixed 

dislocations with predominately screw character; screw dislocations can easily cross-slip 

and so are unlikely to form strong pile-ups.211 The Hall-Petch type interaction is often 

observed for edge or predominately edge dislocations, which can form strong pile-ups 

because of their limited ability to cross-slip. These results are not meant to ascribe a 

single or particular mechanism to the activation of slip across a grain boundary in the 

presence of solute hydrogen, only to note that the indentation technique may be used in 

further studies to identify specific slip-boundary interactions and elucidate the local 

misorientation and incident dislocation requirements to either restrict or enhance slip 

transmission. 
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Figure 9.5  Two types of incident-resultant pile-up orientations generated by 
nanoindentation: (a) incident slip steps that are approximately parallel to the grain 

boundary result in nearly parallel slip steps in the adjacent grain, while (b) incident slip 
steps that make an acute angle with the boundary result in slip steps in the adjoining grain 

which also make acute angles with the boundary. 

9.4 Conclusions 

Nanoindentation of specifically oriented grain boundaries in Ni-201 reveals three unique 

observations.  
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1. Hardness measured in the traditional methods does not vary significantly with 

charging, but solute hydrogen increases both the total and normalized plastic zone 

radii produced during indentation in Ni-201, leading to an overall increase in slip 

step width. The increased plastic zone radii likely arises as a result of the 

decreased critical stress required to activate Frank-Read sources in the presence of 

hydrogen, thereby allowing activation of more distant sources. This suggests that 

the HELP mechanism may be active in the absence of a substantial change in 

conventionally measured hardness.  

2. Increased spacing between slip steps also suggests that cross-slip is restricted 

when hydrogen-stabilized mixed dislocations are confined to glide on their 

original slip planes. 

3. The behavior of slip transmission in the presence of solute hydrogen appears to be 

independent of hydrogen content along Σ3 boundaries, but is not always the case 

for random high angle boundaries. Dislocations may undergo either continuous 

slip or a Hall-Petch type activation depending on the orientation of the incident 

pile-up with respect to the grain boundary. 

Grain boundary character is an important factor in determining the susceptibility of Ni-

based alloys to hydrogen-induced intergranular failure. However, additional 

investigations will be required to clarify the conditions that must be met locally to either 

restrict or enhance slip transmission in a hydrogen-charged microstructure. 
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CHAPTER 10. INTERROGATING HYDROGEN-VACANCY INTERACTIONS 

Hydrogen is effectively trapped at open-volume defects, such as vacancies, 

dislocations, and grain boundaries and the clustering of hydrogen around these defects 

can lead to the formation of voids,214 which ultimately leads to the degradation of 

engineering materials. Studies of hydrogen-vacancy interactions have led to the 

proposition of a new hydrogen degradation mechanism 215 which emphasizes the 

importance of vacancies in macroscale fracture processes. This mechanism suggests that 

hydrogen enhances the formation and agglomeration of vacancies through hydrogen-

vacancy interactions during deformation. Ultimately, hydrogen-induced vacancies can 

agglomerate, forming voids and promoting crack propagation.  

Positrons are localized, trapped, and annihilated by vacancies, vacancy clusters, 

and dislocations,216 due to the strong Coulomb repulsion from the ion cores; as such, 

positron annihilation spectroscopy (PAS) is an effective tool for interrogating the effect 

of hydrogen and plastic deformation on vacancy and void concentration. PAS allows the 

number of positron states as well as their annihilation rates and relative intensities to be 

determined. Positrons are delocalized and annihilated via a Bloch state with electrons in 

the matrix of a perfect crystal. In metals containing vacancies or vacancy clusters, 

however, the electron density is much lower than in the matrix.217 Positron annihilation is 

measured by the positron lifetime and intensity; positron lifetime correlates with the 
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magnitude of the electron density at the site of positron annihilation and gives 

information about the open volumes at vacancies. Positron trapping depends on the 

rearrangement of ions and conduction electrons at the defects as well as the reduction of 

positron kinetic energy and variation of the electron–positron correlation energy. Positron 

lifetime in a monovancy is about 50% longer than in the perfect bulk and increases 

further when vacancies cluster into three-dimensional agglomerates.216 However, if 

vacancies or nanovoids contain gas atoms, the positron lifetime decreases due to electron 

overlap between the trapped gas atoms and positrons.218,219 Experimental and 

computational investigations result in a marked decrease in positron lifetime after 

charging Ni with hydrogen.214,220 

Thermal desorption spectroscopy (TDS) is a non-isothermic method for 

interrogating desorption kinetics. In the case of hydrogen desorption, a sample previously 

charged with hydrogen is continuously heated following a predefined temperature profile 

while the amount of gas desorbed from the material is recorded. The plot of the flow of 

desorbed gas as a function of temperature is a TDS spectrum. TDS spectra are usually 

composed of many desorption peaks, each of which can be associated with a different 

kinetic process. The main goal of a TDS experiment is to determine binding energy and 

densities of trap sites.221 Typically, desorption rates initially increase since the probability 

for hydrogen release from a trap increases more quickly than the decrease in the content 

of hydrogen in this trap. Subsequently, desorption rate decreases to zero due to the low 

hydrogen content remaining in the trap. In general, the activation energy for hydrogen 

release from a trap dictates the maximum desorption temperature, desorption reaction 

order, and the heating rate.222 The peak intensity, on the other hand, depends on the 
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content of trapped hydrogen and on the heating rate.223 Qualitatively, the maximum 

desorption temperature reflects the trapping intensity—a higher temperature indicates a 

higher activation energy for hydrogen release. The trap density is characterized by the 

total amount of gas atoms desorbed during heating.222 

Preliminary PAS and TDS results will be presented in this chapter. 

10.1 Experimental Procedures 

10.1.1 Material Preparation 

A commercially pure nickel alloy, Ni-201, was used for this investigation. Two 

plates with different grain sizes were supplied by ATI Allegheny Ludlum. Plate 1 had an 

as-received grain size of 50 μm and impurities (in wt.%) of 0.01 C, 0.01 Mn, < 0.01 Fe, 

0.05 Si, < 0.01 Cu, and < 0.001 S. Plate 2 had an as-received grain size of 200 μm and 

impurities (in wt.%) of 0.01 C, 0.01 Mn, < 0.01 Fe, 0.05 Si, < 0.01 Cu, and < 0.001 S. 

Grain boundary segregation, especially of S in Ni,162 has been shown to dramatically alter 

hydrogen effects on dislocation-grain boundary interactions in commercially pure 

materials 204; to mitigate this issue, an alloy grade with an ultralow sulfur concentration 

was chosen for this investigation. The as-received Ni-201 Plate 2 was annealed at 900oC 

for 1 hr, stimulating grain growth; this heat treatment resulted in a grain size of 1 mm. 

Three sets of samples were extracted from each plate. Sample set 1 consisted of 

specimens for PAS (dimensions: 4 mm x 4mm x 0.5 mm) and TDS (dimensions: 4 mm x 

6 mm x 0.3 mm) machined from Plate 1. Identical specimens were machined from Plate 2, 

and will be referred to as Sample set 2. Sample sets 3 and 4 consisted of tensile bars 

machined from Plate 1 (set 3) and Plate 2 (set 4), which had a gauge section diameter of 4 
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mm. After straining, specimens for PAS and TDS were extracted from the tensile bars. 

Surfaces were finished with emery paper No. 2400. Also included in the test matrix were 

single crystal (SC) Ni specimens and a high purity (5N) Ni sample as a reference, both 

provided by Aalto University. 

10.1.2 Tensile Straining 

Uniaxial tensile tests were conducted on as-machined and hydrogen charged 

specimens from set 3 and set 4 both at room temperature (300 K) and in a liquid nitrogen 

bath (77 K). Tensile straining was performed using a MTS 810 servo-hydraulic 

mechanical testing system under displacement control at a displacement rate of 0.01 

mm/s. Displacement was controlled such that the samples were strained to ~10%. At such 

low applied strains, all deformation should be localized the gauge section of the sample, 

thus total strain was approximated by calculating the reduction in area, RA, after straining: 

Equation 10.1  , 

where di is the initial diameter of the gauge section, and df is the final diameter after 

tensile straining. 

10.1.3 Positron Annihilation Spectroscopy 

PAS measurements were carried out with the positron lifetime method using a 

conventional fast–fast spectrometer in collinear geometry 224 with a time resolution of 

250 ps. In this scheme, the positron source, a 22Na salt deposited on 1.5 μm thick metal 

foil, is sandwiched between two identical specimen pieces. The lifetime spectrum was 
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analyzed as the sum of the exponential decay components convoluted with the Gaussian 

resolution function of the spectrometer after subtracting the constant background and 

annihilations in the source material. 

10.1.4 Thermal Desorption Spectroscopy 

Hydrogen thermal desorption spectra were obtained at a constant heating rate of 6 

K min-1 in the temperature range from 25 to 850 °C by measuring the hydrogen partial 

pressure in the UHV chamber of a TDS apparatus. The basic vacuum in the apparatus 

was kept better than 10-7 mbar. 

10.1.5 Hydrogen Charging 

Atomic hydrogen was dissolved into the PAS specimens, TDS specimens, and the 

tensile bars by thermally charging in high-pressure hydrogen gas. The specimens were 

inserted into a thick-walled A-286 stainless steel pressure vessel and then placed in a 

furnace. Residual gases were removed from the sealed pressure vessel and gas-handling 

manifold using a purging and evacuating sequence. Three purge/evacuation cycles were 

conducted with helium, followed by three cycles with hydrogen. Once the 

purging/evacuation cycles were completed, the pressure vessel was heated and filled with 

99.9999% hydrogen gas. Charging was conducted at elevated temperature to enhance 

hydrogen diffusion, thereby minimizing charging times, but temperatures were limited to 

avoid thermally activated microstructural changes in the nickel. A charging cycle was 

selected to achieve a hydrogen concentration of ~3000 appm. Samples were charged at a 

hydrogen gas pressure of 62 MPa and a temperature of 300oC for 144 hrs. Hydrogen-
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charged specimens were stored at subfreezing temperatures and transported cryogenically 

to minimize hydrogen loss.  

10.1.6 Testing Procedure 

PAS and TDS measurements were carried out for sample sets 1 and 2 in the as-

received or as-annealed conditions using a Cu foil source. These eight specimens, as well 

as the tensile bars from sample sets 3 and 4 were then thermally charged with hydrogen 

following the procedure outlined above. Upon removal from the pressure vessel the 

specimens were immediately stored in a cryogenic freezer. After charging the tensile bars 

were strained to 10% at room temperature (RT) or 77 K. PAS and TDS specimens were 

extracted from the gauge length of the tensile bars. Disks with a thickness of 1 mm were 

cut in the transverse direction and then polished to achieve a final thickness of 0.5 μm for 

PAS and TDS. Samples were stored at cryogenic temperatures between all preparation 

steps.

Simultaneously, hydrogen-free tensile bars from sets 3 and 4 were strained to 10% 

at RT or 77 K and then PAS and TDS specimens were extracted from the gauge section 

of the as-strained tensile bars as described above. PAS and TDS measurements were 

subsequently conducted for all the H-charged specimens and the H-free samples. A Ni 

foil source was used for PAS for these studies. 
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10.2 Results 

10.2.1 Thermal Desorption Spectroscopy 

Hydrogen flux calculated from thermal desorption spectra for the SC, 5N 

Reference, and sample sets 1 and 2 are shown in Figure 10.1. The hydrogen content in 

the samples increases after hydrogen charging, but the hydrogen pressures detected by 

TDS indicate that the total dissolved hydrogen content in these samples is on the order of 

300- 500 appm. This value falls short of the desired hydrogen content of 3000 appm. 

However, examining Figure 10.2 indicates a hydrogen concentration in sample sets 3 and 

4 on the order of 3000 appm. Comparing these figures suggests that the hydrogen 

charging process was successful and that cryogenic sample storage drastically slows 

hydrogen mobility, but that hydrogen egress from sample sets 1 and 2 was swift enough 

to cause a an order of magnitude hydrogen loss. Enhanced hydrogen egress likely occurs 

during the 16-hour cooling cycle of the pressure vessel after charging—the diffusivity of 

hydrogen increases substantially at elevated temperatures. Because the specimens are 

very thin, hydrogen diffusing out of the near-surface regions of the sample cause steep 

concentration gradients and reduce the overall bulk hydrogen concentration. 

A single main desorption peak is observed for the SC and 5N Reference samples 

as well as for sample sets 1 and 2, both in the H-free and H-charged conditions. 

Conversely, for the pre-strained specimens, a secondary desorption peak at a higher 

temperature appears after hydrogen charging. This may be linked to the presence of 

stronger trap sites after straining. The effect is particularly pronounced for samples 

strained at 77 K, likely the result of limited hydrogen mobility at cryogenic temperatures. 
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Figure 10.1 Hydrogen flux for 5N reference sample, single crystal sample, and as-
received materials with 1 mm grain size and 50 μm grain size. Sample thicknesses, h, are 

tabulated in the legend. 

Figure 10.2 Hydrogen flux for samples with 1 mm grain size and 50 μm grain size 
strained to ~10% at 77 K and 300 K. As-received curves are included for comparison. . 

Sample thicknesses, h, are tabulated in the legend. 
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10.2.2 Positron Annihilation Spectroscopy 

Average values for lifetimes and intensities for all samples are collected in Table 

10.1. Only a single lifetime component is detected for the 5N reference sample, both 

before and after hydrogen charging. The value decreases only slightly upon hydrogen 

charging and is close to the tabulated bulk lifetime for pure Ni, 120 ps.219 A slight 

decrease in lifetime could indicate that hydrogen is dissolved in the lattice, inhibiting 

positron residence. Positrons moving through the bulk more quickly would be manifested 

as a decrease in positron lifetime. The intensity of the positron lifetime in both cases is 

100%, that is, positrons are not trapped by impurities or lattice defects. 

In contrast with the reference sample, the SC sample exhibits two lifetime 

components, a short lifetime, τ1, and a long lifetime, τ2, and an overall increase in 

average lifetime, τave, after hydrogen charging. Two lifetime components connotes the 

existence of multiple positron trapping features, such as lattice sites and open volume 

defects. Increasing positron lifetime suggests the concentration of defects where positrons 

can reside in the material has increased, slowing down their travel. These open volume 

defects are most likely vacancies. 

Similar lifetime increases are observed for the samples from sets 3 and 4, which 

were charged and then strained at 300 K or 77 K. Most importantly, both the lifetimes 

and intensities for the hydrogen charged specimens evolve with time. Hydrogen slowly 

diffuses out of the lattice causing an increase in the apparent positron lifetime. It is likely 

that the vacancy concentration in the strained samples is higher than that in the as-

annealed material, as positron lifetimes are longer than both the typical bulk lattice 

lifetime value and the measured lifetimes for the as-annealed sample. The details of the 
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time evolutions differ with straining temperature. As shown in Figure 10.3a, the average 

lifetime for the 1mm grain size samples strained at 300 K increases linearly 

approximately 7 ps over 24 hours; the average lifetime of the sample strained at 77 K 

(Figure 10.3b), however, increases approximately 13 ps over 24 hours. Also the 300 K 

samples seems to increase in two phases—exponentially from ~205-211 ps and linearly 

from ~211-218 ps. It is likely that less hydrogen diffused out of the sample strained at 77 

K during testing due to limited mobility at cryogenic temperatures. Decreased dislocation 

mobility at low temperature may also impact the generation of vacancies during straining, 

which will be detected as a change in the positron lifetime spectra. Slight variation in the 

intensities of τ1 and τ2 with time is shown in Figure 10.4a and Figure 10.4b. In general τ1 

decreases while τ2 increases, suggesting that as more hydrogen diffuses out of the lattice 

the long lifetime component becomes the controlling factor in increasing τave. It is also 

important to note that there is no evolution of τave or intensities with time for the 

hydrogen-free samples, as expected. Because of the time evolution detected for the 1 mm 

grain size materials, positron lifetimes were measured for 72 hours for the hydrogen-

charged samples with a 50 μm grain size, while the hydrogen-free samples were 

measured for 24 hours. Similar trends are observed for samples with a grain size of 50 

μm, strained at 300 K and 77 K. Time evolution of τave for these samples are shown in 

Figure 10.5a and Figure 10.5b, while the intensities for the two lifetime components are 

presented in Figure 10.6a and Figure 10.6b. Again, there is no time evolution for the 

hydrogen-free material.
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Table 10.1 Average lifetime, τave, short lifetime, τ2, and its intensity, I1, and long lifetime, 
τ2, and intensity, I2 as a function of sample condition. 

Sample Condition τAve (ps) τ1 (ps) I1 (%) τ2 (ps) I2 (%) 
5N-R 120.5 120.5 100 −− -- 

5N-R with H 116.3±0.7 116.3±0.7 100 −− -- 
SC 138.3±1.0 93.0±2.0 57.4±1.6 199.0±2.0 42.6±1.6 

SC with H 149.6±2.3 111.4±5.7 68.5±3.6 233.3±8.3 31.5±3.6 
1 mm Grain Size 

AR 152.19±1.1 134.09±2.9 84.83±3.3 255.34±14.2 15.17±3.3 
AR with H 152.2±1.1 134±3.2 85±3.0 255.3±12.4 15±3.0 

77K 179.8±0.7 161.6±3.5 78.4±4.7 247.3±10.2 21.5±4.7 
77K with H 213.6±3.4 169.5±6.1 68±5.6 307.1±11.6 32±5.6 

300K 202.8±0.9 160.8±2.9 70.6±1.6 303.4±3.8 29.3±1.6 
300K with H 203.2±1.8 162.6±3.7 71.6±2.6 308.3±0 28.3±2.6 

50 μm Grain Size 
AR 155.96±1.1 136.0±4.0 74.7±6.6 215.75±10.5 25.3±6.6 

AR with H 156.0±1.0 136.0±4.0 74.7±6.5 215.75±10.5 25.3±6.5 
77K 196.6± 0.9 166.1±3.5 73.9±3.8 283.9±8.9 26.03±3.8 

77K with H 212.7±0.9 167.0±3.0 68.0±2.3 310.1±6.5 31.9±2.3 
300K 195.5±0.9 166.1±2.6 77.6±2.6 297.9±8.1 22.4±2.6 

300K with H 209.6±2.7 166.3±2.6 70.6±2.1 313.9±5.6 29.4±2.1 

.
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Figure 10.3 Time evolution of average lifetimes for polycrystalline Ni samples with a 
1mm grain size, hydrogen charged and strained to 10% at 300 K (a) and 77 K (b). 
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Figure 10.4 Time evolution of short positron lifetime intensity, I1, and long lifetime 
intensity, I2, for polycrystalline Ni samples with a 1mm grain size, hydrogen charged and 

strained to 10% at 300 K (a) and 77 K (b).
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Figure 10.5 Time evolution of average lifetimes for polycrystalline Ni samples with a 50 
μm grain size, hydrogen charged and strained to 10% at 300 K (a) and 77 K (b).
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Figure 10.6 Time evolution of short positron lifetime intensity, I1, and long lifetime 
intensity, I2, for polycrystalline Ni samples with a 50 μm grain size, hydrogen charged 

and strained to 10% at 300 K (a) and 77 K (b). 
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10.3 Summary and Conclusions 

Only preliminary results from an ongoing investigation have been presented in 

this chapter. Complete data analysis will be published in an archival journal at the 

conclusion of the work. To this point, however, some broad conclusions may be drawn: 

1. Hydrogen dissolved in a Ni lattice can be successfully quantified using thermal 

desorption spectroscopy, while positron annihilation spectroscopy can be used to 

confirm that hydrogen resides in lattice sites in a high purity, defect free specimen.

2. High temperature, gas-phase charging induces vacancy formation in both single 

crystalline and polycrystalline Ni. 

3. Uniaxial tensile deformation of hydrogen-charged polycrystalline Ni at cryogenic 

temperature causes a measurably different microstructural response than straining 

at room temperature. The grain size of the material also impacts the 

microstructure. The measured differences in positron lifetime and desorption 

temperature are attributed to vacancy generation or agglomeration. 
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CHAPTER 11. CONCLUSIONS AND FUTURE WORK 

Designing materials for use in extreme environments—whether that is under high 

stresses, pressures, temperatures, or in a harsh atmosphere, or both—requires linking 

changes in the microstructure and properties of engineering alloys with altered 

performance in each condition. Until recently, experiments of this type, and 

accompanying computational work, have focused on either bulk samples or single crystal 

specimens and extrapolated behavior to engineering-scale materials. The challenge in this 

work has been to bridge the gap between microscale and macroscale by combining 

nanoscale measurement techniques with bulk characterization methods on model 

materials and engineering systems with the ultimate goal of predicting and controlling the 

microstructural response of engineering systems to perform reliably in harsh 

environments. 

Microscale and macroscale mechanical properties can be linked by 

nanoindentation of polycrystalline specimens of model alloy systems. Systematically 

varying the sampled volume and the grain orientation indented highlights the interplay 

between anisotropy and volume of material tested on the yield behavior of Ni 200. 

Subsequently adding variation in sample preparation condition, representative of 

changing dislocation density, markedly affects plasticity. 



181

Nanoindentation has also be coupled diffraction and atomic force microscopy 

techniques to interrogate the effect of dissolved hydrogen on microstructure and plasticity 

of Ni 201, a model alloy known to suffer from macroscale intergranular fracture in 

hydrogen atmospheres. In the past it has been suggested that hydrogen enhanced 

localized plasticity and hydrogen enhanced decohesion are competitive mechanisms, but 

the present work suggests that they may be complementary mechanisms in hydrogen 

degradation of Ni 201. It is evident that hydrogen serves to enhance dislocation mobility, 

while limiting cross-slip and impacts the likelihood of slip transmission across grain 

boundaries as a function of grain boundary misorientation. This result represents an 

important step in understanding the impact and coupling of grain boundary 

misorientation and grain character on macroscale failure. Further investigation will help 

to develop microstructural parameters that can guide grain boundary engineering 

techniques to mitigate intergranular fracture of Ni-containing alloys used in hydrogen 

service. 

It is also apparent that hydrogen alters the microstructure in such a way that there 

is a measureable difference in the indentation modulus irrespective of grain orientation. 

While this may indicate that hydrogen serves to decrease the cohesive force, ultimately 

leading to easier atomic separation, these data cannot account for the importance of 

vacancies in hydrogen-related failure. To assess the impact of vacancies, positron 

annihilation spectroscopy and thermal desorption spectroscopy have been applied to 

hydrogen-free and hydrogen-charged specimens in annealed and pre-strained conditions. 

Preliminary results reveal differences in both vacancy concentration and hydrogen 

trapping as a function of straining temperature and hydrogen concentration. Ongoing 
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studies aim to identify vacancy agglomeration or void formation as a function of grain 

size and compare that microstructural information with positron lifetime evolution and 

desorption energy to more accurately understand the interrelationships between hydrogen 

charging and deformation on vacancy formation/agglomeration. Those results may serve 

to de-convolute measured changes in elastic properties of hydrogen charged Ni. 

Linking microscale properties with macroscale performance is also important for 

oxide-substrate systems that will be used in harsh environments; many of the same 

techniques applied to study hydrogen degradation can also be used to investigate the 

reliability of oxide coatings used as passive authentication structures, or “tags”. The 

fluence of a nanosecond pulsed laser beam has been successfully tailored to irradiate the 

surface of a metal component such that only the top few microns of the component melt, 

inducing a pyrolitic reaction with the gasses in the atmosphere, to grow oxide coatings of 

various thicknesses and colors. For the first time fracture behavior, electromechanical 

performance, and environmental resistance of oxides fabricated on SS 304L and CP II Ti 

were successfully determined by combining multiple indentation techniques and high 

resolution microscopy. In all cases, the coatings are mechanically robust and well 

adhered to the substrate. The Ti oxide system is environmentally stable, as expected. The 

stainless steel systems, however, are susceptible degradation in chloride containing 

environments, except when the oxides have thickness between approximately 100 and 

150 nm. Oxides within this thickness range are continuous and single phase—they do not 

suffer from mudflat cracking like their thicker, dual phase counterparts and chloride does 

not appear to diffuse through the oxide to the Cr-depleted substrate—and as such they are 

protective.  
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Layered oxides with total thicknesses similar to the single layer films were 

successfully fabricated using sequential irradiation in an attempt to extend the protective 

thickness range. The layered films are mechanically robust and well adhered to the 

substrates. The coatings are more resistant to chloride attack than single layer films, but 

they do not prevent corrosion of the underlying Cr-depleted substrate. Future experiments 

should be conducted where the component surface is pre-treated to increase the Cr 

concentration in the near-surface region. This may prevent depletion of Cr below the 

critical 12 wt. % value necessary for corrosion resistance during subsequent laser 

processing. Solving the Cr-depletion problem should result in an oxide-substrate system 

that is both mechanically robust and environmentally stable. Oxide “tags” could then be 

used reliably in harsh service conditions, enabling accurate monitoring of long-term 

component stability. 
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