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Abstract

The formation of trench-defects is observed in 160 nm-thick InyGa;«xN epilayers with x <
0.20, grown on GaN on (0001) sapphire substrates using metalorganic vapour phase epitaxy.
The trench-defect density increases with increasing indium content, and high resolution
transmission electron microscopy shows an identical structure to those observed previously in
InGaN quantum wells, comprising meandering stacking mismatch boundaries connected to
an l;-type basal plane stacking fault. These defects do not appear to relieve in-plane
compressive strain.  Other horizontal sub-interface defects are also observed for these
samples and are found to be pre-existing threading dislocations which form half-loops by
bending into the basal-plane, and not basal-plane stacking faults, as previously reported by
other groups. The origins of these defects are discussed, and are likely to originate from a
combination of the small in-plane misorientation of the sapphire substrate and the thermal

mismatch strain between the GaN and InGaN layers grown at different temperatures.

Introduction

The direct band gap of InsGa;xN can be engineered to emit light over the entire visible
spectrum depending on the In content (x) of the film. InGaN-based alloys are thereby used to
fabricate light-emitting diodes (LEDs), laser diodes (LDs) [1] [2] and solar cells [3] [4].
InGaN alloys are excellent candidates for the light-absorption layers in solar cell applications

because of their high-energy radiation resistance [3] and because InGaN alloys across the
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range of In compositions absorb light across the whole solar spectrum in a multi-junction
solar cell [5]. While thicker layers of around 100 nm are grown for solar cell applications [6],
strained InGaN layers of between 2 and 5 nm are commonly deposited by metalorganic
vapour-phase epitaxy (MOVPE) as multiple quantum wells (MQWSs) in LED and LD
devices. Moreover, 24 to 80 nm thick In,Ga;«N (0.03 < x < 0.05) underlayers deposited
directly beneath multiple quantum wells in LEDs have been observed to increase LED
external quantum efficiencies [6-8].

The growth of relatively thick InyGa;«xN epilayers on GaN on (0001) sapphire by MOVPE is
challenging since the In-N bond is unstable at the high temperatures of around 1000 °C
necessary for high-quality GaN growth. Despite a mature growth technology for the
deposition of thin InGa;.xN QWs by MOVPE, the growth of thick InGa;.xN epilayers on
GaN remains challenging, resulting in films with high strain and a rich defect microstructure
[9].

V-defects appear as V-shaped voids in cross-sectional transmission electron microscopy
(TEM) images of InyGa;«xN films and are the most extensively studied defects in both In,Ga;-
N MQW [10-16] and epilayer [17-19] samples. They are formed when a threading
dislocation, usually generated at the interface between the GaN buffer and the substrate [20]
propagates along <0001> into the InGaN layer and ultimately opens up as an inverted
hexagonal pyramidal pit at the film surface. The six hexagonally-oriented facets of the pit
comprise inclined {10-11}-type planes. In the case of MQWs, V-defects tend to originate in
the first InGaN quantum well and can permeate through the entire MQW stack depending on
the (In)GaN quantum barrier growth condition [21]. Owing to their distinct crater-like shape
when viewed using TEM, it was initially suggested that V-defects may be surface
terminations of hollow-core screw-type dislocations, first described by Frank [22]. However,
since Ill-nitride films which do not contain indium, (i.e. GaN, AIN) do not show pyramidal
defects at dislocation cores, a mechanism relating to the growth Kinetics was instead
proposed. TEM work by Shiojiri et al. [21] suggested that during InyGa;«N growth,
adsorbed indium atoms migrate to the dilatational strain field of dislocation cores to create
Cottrell atmospheres [23], resulting in a reduced growth rate directly above the indium-rich
dislocation core which leads to the formation of a small pit. At the low temperatures of 700
to 800 °C that are typically used for InsGa;xN growth, the growth rate of the flat (0001)
surface surrounding the pit tends to be higher than that of the inclined {10-11} surfaces in

order to minimise indium adatom desorption, resulting in the pit growing with inclined {10-
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11}-type sidewalls to create a hexagonal pyramidal void. This suggests that V-defect
formation is Kinetically-driven and occurs independently of, yet may be aided by, the
presence of impurities such as fluctuations in indium content during low-temperature growth
[21].

Furthermore, studies have reported that a V-defect apex may be connected to a stacking
mismatch boundary (SMB), which in turn is associated with a stacking fault (SF) within the
MQW stack [24-25]. As well as the V-defect, InGa;xN MQW [26-28] and LED structures
[29] have been shown to contain high densities of trench-defects, which have been shown by
atomic force microscopy to consist of trenches with inclined sidewalls which form loops
enclosing sections of InyGa;xN MQW with different emission properties from the
surrounding material [30]. Cross-sectional TEM revealed that these trenches are connected to
SMBs, two-dimensional defects oriented along <1-100> and <11-20> in wurtzite materials,
which are themselves associated with an I;-type basal plane stacking fault (BSF) located in
the MQW stack [28]. It is possible that the V-defects which were reported to be connected to
SMBs and BSFs [24-25] may have been trench-defects which were incorrectly identified as
V-defects, owing to their similarity in cross-section. Trench-defects may be distinguished
easily from V-defects since the trenches typically appear as two overlapping V-shaped voids
when viewed in cross-sectional TEM images, owing to the projection of the trench through
the TEM foil. Although trench-defects have been previously observed in thick InyGa;xN

epilayers [31], their atomic structure has never been studied for such samples.

In addition to trench-defects, some TEM studies suggest that BSFs appear to lie below the
InGaN/GaN interface, by as much as 100 nm into the GaN buffer layer [19, 32-33]. The
presence of stacking faults below the interface was attributed by Romano et al. [32] to the
relaxation of high compressive strain which induces shear and therefore slip in the basal-
plane [32]. However these features have never been characterised in detail to confirm which
type of defect they are, and no mechanisms as to their formation have been proposed in the
literature. Hence, in this report, we study the structure of extended defects such as the trench-
defects and the horizontal defects below the GaN/InGaN interface in 160 nm-thick InGaN
films with varying indium contents. Moreover, previous In,Ga;.xN/GaN X-ray diffraction
(XRD) studies [32, 34-37] show that high-quality films containing defects such as V-, trench-
and horizontal defects are still highly strained even when indium contents and thicknesses are

far beyond the critical limit (CL) [38-39] for strain relaxation via plastic deformation. Our
3



theoretical and experimental results further reveal reasons for the low degree of strain-

relaxation present in thick InsGa;xN films with x<0.20.

Experimental Methods

All samples were grown in a Thomas Swan 6 x 2” close-coupled showerhead MOVPE
reactor. Trimethylgallium (TMG), trimethylindium (TMI) and ammonia were used as
precursors for Ga, In and N, respectively. Silicon doping was achieved using silane as the
precursor. Three 160 nm-thick Si-doped ([Si] = 4 x 10*® cm™) In,Gai.«N epilayers with
varying x (0.05 to 0.20 wt% In) were grown on 3.5 um-thick low dislocation density (LDD)
(threading dislocation density (TDD) of ~4 x 10° cm™) GaN epilayers grown on sapphire
(0001) substrates. Whilst hydrogen (H,) was used as a carrier gas for the growth of the GaN
templates, nitrogen (N,) was used as the carrier gas during InsGa;xN growth. All samples
were grown on sapphire substrates with a miscut angle of 0.25 = 0.1° along <11-20>gpphire
(i.e. <1-100>g,n). For GaN growth, the sapphire substrate was heated to 1050 °C in a flow of
3 sim of NHs at 1.33 x 10* Pa, and annealed for 120 s followed by 180 s of growth with an
additional flow of SiH, at 200 nmolmin™. The temperature was then reduced to 540 °C, the
pressure increased to 6.6x10* Pa, and a 30 nm GaN NL was grown, which was then annealed
at 1010 °C after growth for 240 s in order to encourage 3D island formation to decrease the
TDD. Next, GaN growth was commenced at a lower temperature (980 °C) for 1200 s, then
continued at 980 °C for 690s, finally followed by 1260 s of growth at 1010 °C. Further details
of GaN epilayer growth on sapphire have been described elsewhere [40-41]. The indium
content was varied by keeping the TMI flux constant and reducing the reactor susceptor
temperature to incorporate more indium into the epilayer. Previously, WDX, XRD and RBS
measurements were performed to investigate the indium wt.% in the samples. WDX
measurements predict In wt% of x = 0.057+£0.01, 0.128+0.01 and 0.20+0.01 [33]) for the
three 160 nm thick InGa;«N epilayer samples labelled as A, B and C, respectively. XRD and
RBS studies have predicted only slight variations in the indium content along the growth
directions of such layers. For example, values of 0.108-0.122 and 0.121-0.127+0.01 were
predicted for sample B when a linear variation along the [0001] is taken into account by XRD
and RBS, respectively [31]. Samples A, B and C were grown at temperatures of 750 °C,
725 °C and 710 °C, respectively. In addition to these InGa;«xN epilayers, a 110 nm GaN
epilayer (D) was also studied to investigate the effect of compressive interfacial strain

introduced by In in the InsGa;«xN layers. Sample D was grown with all reactor conditions
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similar to that of A, except that no TMI was introduced during the growth of the low-
temperature GaN epilayer. For comparison with sample D, sample E which is an LDD GaN
epilayer grown at 1010 °C on sapphire with no subsequent deposition, was also studied
during the course of this work.

High-resolution X-ray diffraction was performed in a Philips X’ Pert diffractometer using Cu
Koy radiation with a double-bounce Ge (220) asymmetric monochromator and a double-
bounce analyser. Reciprocal space maps (RSMs) were recorded for the symmetric 0006 and
asymmetric 20-24 reflections to measure a and c lattice parameters respectively, in order to
examine the strain state of the three epilayer samples. The lattice constants were calculated
using the method described by Fewster et al. [42] applied to our materials [43], assuming
Vegard’s law as valid (assuming isotropic and linear biaxial strain). The bowing parameter
has been shown to be insignificant for the range of x in our samples [44-45]. Finally, values
for relaxation (R) in these layers were measured by applying opposite deformations to InGaN

layers in order to get an equivalent InGaN lattice on top of relaxed GaN substrates [42].

Atomic force microscopy (AFM) was carried out using a Veeco Dimension 3100 microscope
in tapping mode. Cross-sectional and plan-view TEM and high-resolution (HR) TEM were
performed using a Philips CM30 (300 kV) and JEOL 4000 EX-II (400 kV) TEM
respectively. In addition, plan-view scanning transmission electron microscopy (STEM)
using the high-angle annular dark-field (HAADF) detector was performed at 200 kV using
the JEOL 2100. Electron-transparent TEM samples were prepared by mechanical polishing,
followed by dimpling and back-thinning with Ar* ions at 5 kV, and final ion milling at 2 kV
to minimize specimen damage.

A three-dimensional dislocation dynamics simulation was performed with the PANIC model
[46]. A simulation cell containing 8 pre-existing threading dislocations was set up with
randomly-assigned Burgers vector directions (assuming a 1:1 ratio of a-type and (a+c)-type
dislocations in an LDD GaN template [47]). Simulation parameters were set according to Fu
et al. [46] and experimental growth parameters were set as described earlier, that is, the
growth temperatures of the GaN and InsGa;xN (x = 0.20) layers were set to 1010 °C and
710 °C respectively.

Results and Discussion



Biaxial Strain

It is well known from previous studies that growth of thick InGaN on GaN buffer layers
introduces high biaxial compressive strain at the interface [18, 32, 34-37]. The three In,Ga;.-
xN films in this report were analysed by XRD in order to measure the residual strain present

in the samples after growth.

The RSMs presented in Figure 1 show the 204 reflections of both GaN and InGaN layers.
The vertical and inclined dashed lines represent the positions of a fully strained and fully
relaxed layer grown on GaN respectively (no significant offset could be seen on the RSMs
around the GaN 006 reflection). The small horizontal arrows indicate the lateral misfit strain
relaxation in the InGa;xN layer with respect to the GaN buffer layer. Figure 1 shows that
this strain relaxation is small for samples B and C and almost negligible for sample A. This
indicates that the InGaN layer in sample A is fully strained and those of samples B and C are
only partially relaxed. This was confirmed by the values of relaxation (R) which were
obtained by applying opposite deformations to the InsGa;.xN layers, equivalent to InGaN
lattices on top of relaxed GaN substrates [42]. The relaxation values calculated were 6 + 2 %
and 8 + 1 % for B and C respectively, implying that the residual interfacial strain in both the
films was around 94 % and 92 %, respectively.

In order to understand the reason for the low degree of strain relaxation, the interfacial
regions of films A, B and C were further investigated by HRTEM (not shown) by viewing the
sample along the <11-20> zone axis and tilting it to excite diffraction conditions g = (1-100).
The é’-type (b=1/3<11-20>) [24, 48] misfit dislocations (MDs) are the most commonly
observed MDs found in the InGaN/GaN system. They are ideally observed when the sample
is tilted near the <11-20> zone axis as also observed by Li et al. [48]. The g, 0 and —g beams
were isolated within the objective aperture to observe extra-half planes in 1-100 lattice
fringes at the interface. Although randomly-spaced, non-periodic dislocations were visible at
the interface, no periodic MDs, an indication of plastic strain-relaxation were observed for all
the three In,Ga;«N (0.57<x<0.20) samples. This is in agreement with the study performed on
MOVPE-grown InGaN epilayers by Srinivasan et al. [49] where a 100 nm thick In,Ga; «N
(x=0.1) layer was also reported to contain randomly-spaced, non-periodic MDs, confirming
that their sample as well as our thick InyGa;.xN (0.20<x<0.057) layer samples have all been
grown pseudomorphically on GaN with very little strain relaxation. As the field of view of a

TEM image is typically a few microns of interface, much larger than the spacings measured



theoretically by our study (198 nm, 59.5 nm and 38.75 nm for sample A, B and C
respectively), we further confirm that misfit relaxation has not occurred via the formation of
MDs.

Trench-defects

AFM images of the three InsGa;xN (0001) surfaces are shown in Figure 2. The dark-spots in
all AFM images shown in figure 2 are TD pits whereas the bright arrows indicate trench-
defect structures. These images show no change in the V-defects density with an increase in
In content from x = 0.057 in sample A to x = 0.12 in sample B. This is further evidence that
V-defect formation is not strain-mediated. If VV-defect density did increase with In content,
then it would be obvious that increased mismatch is creating more V-defects. On the other
hand, the trench-defect density increased from (3 + 2) x 10° cm™ to (6 + 1) x 10’ cm™? when
the In content increased from sample A to B. This was confirmed by cross-sectional weak-
beam dark-field (WBDF) TEM images for samples A, B and C (figures 4(a), (b) and (c)),
where the density of trench-defects increases as the In content in the epilayers is increased.
We have tried keeping the imaging conditions for the three images in figure 4(a, b and c) as
similar as possible, where the sample was tilted ~3-5° away from the zone-axis to activate the
g = (1-100) diffraction conditions. This small tilt is not sufficient to remove the electron
beam from the plane of the interface as will be shown by the help of STEM-HAADF images
in the following section.

Massabuau et al. [28] and Sahonta et al. [27] both have observed V-pits enclosed by or
intersecting the trench-defects in MQW samples, suggesting that the formation of V- and
trench-defects are separate phenomena. We already know from literature that V-pit formation
is kinetically-driven, but.there is no available evidence that the trench-defect formation is a
lattice-mismatch-strain-relaxation-related phenomenon. Moreover, trench-defects do not
originate at the InGaN/GaN interface, but ~50-70 nm above the interface in the InGaN layer.
This inhibits the trench-defects from relaxing any lattice-mismatch strain at the interface.
Low values of strain-relaxation were also measured even when trench-defects were observed
in samples B and C and a network of trench-defects was observed in sample C. This is strong
evidence that trench-defects do not relieve lattice-mismatch strain at the interface.
Nonetheless, these defects may contribute to local strain-relief by the formation of new
surfaces, but a high density of such defects would be required for the measurement of any

significant strain-relaxation caused by this mechanism.
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Trench-defects have been previously extensively studied in InsGa;.xN MQW structures, and
three types of trench-defects were identified according to the relative heights of the trench-
enclosed central area with respect to the surrounding material; lowered-centre trench-defects
have a central MQW region which lies below the surrounding MQW stack, level-centre
trench-defects have a central enclosure which is at the same height as the surrounding
material, and raised-centre trench-defects are those where the central region is higher than
the surroundings [28].

We find in the case of trench defects in InGaN MQWs that the region within the trench is
subject to different growth Kinetics from the rest of the film as measured by
cathodoluminescence studies [30]. Furthermore, cross-sectioning through a raised-centre
trench by Sahonta et al. [27] showed that the trench-enclosed region has thicker QWs than
the surrounding QW region, suggesting that the QWs grow faster at the defect, and therefore
that indium incorporation rate at the defect is higher than at the undefective region during
MQW growth. It follows that for a level-centre trench, the growth rate of the InGaN layers in
a defective MQW is not affected, and that in lower-centre trenches the growth rate of the
MQW region is slower at the defect than in the rest of the film.

It is therefore expected that in the case of In,Ga;xN (x < 0.20) epilayers, once a trench defect
has formed, the growth rate of material being deposited in the trench-enclosed area will differ
from that of the surrounding growth, just as it does for InGaN MQWs. The AFM images
(figure 2(a), (b) and (d)) show that the samples A and B with relatively low indium contents
of ~6 % and ~13 % have only level-centre (dashed white arrow) or lower-centre trenches
(white arrows), suggesting that the InGaN growth rate of the trench-enclosed area has been
unaffected or slightly impeded by the presence of the defect, perhaps due to the slower
growth rate on the inclined {1-101} face relative to (0001) [56]. On the other hand, sample C
with an In content of around 20 % was grown at a much low temperature (710 °C) to
incorporate higher indium into the film. We observe mostly raised-centre trenches for this
sample as indicated by black arrows in figure 2(e). This suggests that the local growth rate
increases within the trench-enclosed area, perhaps due to the relative relaxation of the lattice
in the trench-enclosed area with respect to the rest of the film. If the region within the trench-
defect is a region of lattice relaxation, it will be easier to incorporate the larger In atoms into
the lattice at that point, resulting in a higher local growth rate at the defect forming raised-
centre trench-defects.



The atomic structure of a trench-defect was further studied by acquiring HRTEM images
along the <11-20> zone axis, where the trenches themselves appeared to be connected to an
I:-type BSF via planar SMBs, as seen in figure 4(a),. The stacking sequence of atomic
columns was labelled in figure 4(b), which is a higher magnification image of the black
dotted box identified in Fig. 4(a), to observe the atomic structure of the defect. It clearly
shows an SMB where the wurtzite bB atomic stacking changes to cC stacking at the interface
of the SMB with the surrounding InGaN. As there is one single violation of the stacking rule
in the planar fault at the bottom of the SMB along the c-axis (stacking sequence of
aAcCaAcCaAbBaAbB exists at the fault instead of aAcCaAcCaAcCaAcC stacking observed
for an ideal hexagonal lattice), the fault was identified as an I, BSF. Thus, this HRTEM study
on sample C reveals that the structure of trench-defects in InGa;xN (x<0.20) epilayers is
identical to that reported for trench-defects in MQW structures [28].

Further TEM studies were performed to identify the crystallographic orientation of these
defects. As trench-defects were studied in detail by Massabuau et al. [28] for InGaN/GaN
MQW samples, we aim to identify the differences in the defect structure between the InGaN
MQW and thick epilayer samples. Previous studies on InGaN MQW samples have suggested
that the temperature and hydrogen environment during QW GaN barrier growth plays a vital
role in trench-defect formation [26, 57-58]. As growth parameters and conditions are
considerably different for thick InGaN epilayers as compared to the InGaN MQW samples, it
is worth studying the structure of trench-defects in our samples. The motivation is to
ultimately identify factors which contribute to and affect their formations.

Figure 5 shows an image of a trench-defect in sample B (and a nearby V-defect indicated by
a hexagon) taken along the [0001] direction of the sample using the STEM-HAADF imaging
mode of the microscope. It is well established in literature that the {1-101}-faceted V-pit
edges run along the <11-20> directions [11, 59]. Taking this as a reference, the directions of
the SMBs delineating the boundaries of the trench-defects were established as both <11-20>
and <1-100>, with more sections of trenches lying along <11-20>. This agrees with studies
on trench-defects in MQW samples and is expected since the SMBs are generated most easily
along the close-packed <11-20> directions. Moreover, it is relatively more energetically-
favourable for an SMB to change its direction along the close-packed <11-20> axis compared
to <1-100>. Thus, SMBs travelling parallel to <1-100> appear straight as seen in figure 5.
Moreover, every time the SMB changes its direction along the <11-20> directions, an

additional pit is generated. This can also be seen in figure 2(d) where dark lines delineating
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trench-defects are formed by the merging of small pits formed each time the SMB changes its
direction along the <11-20>, as also observed previously by Massabuau et al. [28] and further
demonstrated by a schematic of a trench-defect shown in figure 6(a).
In addition to trench-defects, figures 2(c) and (e) show large features of ~650 nm diameter
(inside boxed areas), accompanied by an increase in the RMS roughness value from 1.2214
nm measured at a trench-defect in B to 3.6859 + 0.5 nm measured at the large feature in C
seen in using the Nanotec Electronica WSxM software to process AFM images [60] (2(d and
e)).

We have already attributed the formation of raised-trenches in the low-temperature grown
sample C to the higher growth rates inside the trenches as compared to the surrounding

material.

Sub-Interfacial Extended Defects

In addition to V-defects and trench-defects, extended defects have been observed lying in the
basal plane below the InGaN/GaN interface [19, 32-33, 49]. These defects have previously
been described as BSFs although no defect analysis has been performed, and it has been
proposed that their origin relates to the compressive strain in the InGaN layer inducing shear
in the less compliant GaN layer [32]. Zhang et al. [61] concluded from diffraction contrast
imaging from different orientations that they are horizontal line defects rather than stacking
faults. If we consider this extended defect to be an I; BSF as suggested in some reports [19,
32-33], it should only be visible for the g = (1-100) diffraction condition based on the g.R
criterion [62-63]. The g.R criteria is valid for such strained thick InyGa; xN (x<0.20) epilayers
as also shown in work by Meng et al. [63] where x was 0.07 and in work by Srinivasan et al.
[49] where x was 0.10. Moreover, SFs in thick epilayers similar in composition and
thickness to our samples (100 nm thick InyGa;.xN epilayers with x=0.07) were only observed
for the g = (1-100) diffraction condition [63], confirming that the g.R criteria valid for
stacking-faults [62] is valid for our samples A, B and C as well. On the contrary, cross-
sectional WBDF TEM images for sample C (figure 8), as well as defect studies reported by
Romano et al. [32] show these defects as visible under the g = (11-20) diffraction condition,

confirming that such defects are not BSFs.

Our calculations using the PANIC model (considering climb and also glide in all possible slip
systems in a wurtzite crystal), which simulate the early stages of epilayer growth, further

suggest that these sub-interface horizontal defects are actually bowed-out TDs. This bow-out
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of TDs results in two horizontal segments with opposite line directions but the same Burgers
vector, as shown in the simulated dislocation microstructure in figure 9(a). Therefore, very
little strain can be relaxed by this type of defect as their strain fields are oriented parallel to
each other in the film.

While figure 9(b) shows a STEM-HAADF image showing a half-loop containing the two
horizontal segments (separated from each other by 3 to 15 nm) with opposite line directions,
figure 10(c) shows a schematic of TD segments bowing-out from an existing TD. Although
these sub-horizontal segments were observed in figure 3(b, c) where the sample was tilted to
activate WBDF activating the g = (1-100) diffraction conditions, the tilt was ~3-5 © and thus
very close to the <11-20> zone axis. This small tilt is not sufficient to remove the electron
beam from the plane of the interface as a STEM-HAADF image taken along the <11-20>
zone-axis for sample C (figure 9(b)) shows the same sub-interfacial defects as observed in the
WBDF images shown in figure 3(b and c). This is also supported by the observation of sub-
interfacial defects in a STEM-HAADF image taken along the zone-axis on a 200 nm thick
InyGa;xN (x=0.12) epilayer at similar distances in the GaN substrate below the InGaN/GaN
interface [61] when compared with the STEM-HAADF image (figure 9(b)) and WBDF
images (figure 3) of sample C. The STEM-HAADF image was intentionally taken on the
zone-axis in order to compare well with the simulation in figure 9(a). As the activation
energy for dislocation motion in GaN is relatively small [64], TDs can bow out for several
micrometers as shown in the STEM-HAADF image of sample C in figure 3(b), making it
difficult to observe half-loops using TEM even when a high density of horizontal TDs (top
and bottom edges of the loop) are observed below the In,Ga; «N/GaN interface, as seen in
both figures 3(b) and 3(c). Thus, several TEM samples were prepared to acquire a single
image of a TD loop.

The figure 10(c) is shown to confirm that a TD bows out to form a long loop, and the edges
of the loop are indeed the horizontal sub-interfacial defects observed for the InGaN/GaN
epilayer system. Thus, it is established experimentally by TEM and theoretically by the
PANIC dislocation dynamics model that these sub-interface defects are TDs that bend below
the InyGa;.xN /GaN interface.

Furthermore, our energy-balance critical-thickness calculations [65] (considering glide on the
1/3 <11-23> {1-101} slip system) predict that this bowing has taken place well before the

InyGai«N layer reached its theoretical CT [38-39]. This is shown in figure 11 where our
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calculations imply that the compressive thermal mismatch introduced by low temperature
growth of InGa;.xN epilayers introduces biaxial stress on the GaN buffer layer grown at
1010 °C. The thermal mismatch due to different growth temperatures for GaN and InyGa;xN,
together with the small miscut of 0.25 ° + 0.1 ° of the (0001) sapphire substrate are possible
driving forces for the activation of a secondary slip system, 1/3 <11-23> {1-101}, in the GaN
template. This is indicated by a dashed line in figure 11 which suggests that the equivalent
CT for the onset of glide in the GaN template is above 200 nm, which is far below the
thickness of a usual GaN buffer layer (around 3.5 um for sample C). Glide on the secondary
slip systems has also been reported in earlier reports [49] for similar InyGa;-«xN epilayer films.
In order to confirm that the formation of these glissile dislocations is due to thermal
mismatch between GaN and InGaN and not an effect of In incorporation, we analysed sample
D which is a 110 nm-thick GaN epilayer grown at a temperature typical for InGaN growth on
a standard LDD GaN buffer on 0.25 ° + 0.1 °-miscut (0001) sapphire, and sample E which is
the GaN buffer layer only, grown at 1010 °C on 0.25 ° + 0.1 °-miscut (0001) sapphire. It is
certain that no compressive strain due to lattice mismatch exists for sample D as the epilayer
does not contain any indium, although thermal mismatch stresses will be present due to
differences in growth temperatures. However, WBDF g(2g) TEM images for sample D
activating g = (1-100) diffraction conditions also show sub-interface TDs lying in the basal-
plane as observed in figure 11(a). Simulations also confirm that these defects are bowed-out
TDs (figure 11(b)) as seen previously below the GaN/In,Ga;xN interfaces (figure 9).
Moreover, as no sub-interface dislocations were observed for sample E [47], it can be
confirmed that the observed bowed-out TDs and half-loops only appear when subsequent
epilayers are grown at comparatively low temperatures.

Dislocation simulation studies were reported only at one composition (sample C) as glide on
the 1/3 <11-23> {1-101} slip system is an effect of thermal-mismatch between the InGaN
and GaN films. Sample C has the highest thermal-mismatch as the underlying GaN template
was grown at 1010 °C as compared to growth temperatures of 750 °C, 725 °C and 710 °C for
sample A, B and C, respectively. Hence, more TDs glide on the secondary slip system
forming loops in sample C. This increases the probability of observing dislocation loops both
in a TEM foil and a simulation cell. Thus, sample C was the ideal choice to compare a TEM
image with its simulated dislocation microstructure, with regards to studying sub-interfacial

defects in the InGaN/GaN system.
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These results imply that thermal mismatch stresses play a major role in the development of
the observed dislocation microstructure in both (thick) InyGa;.xN (x<0.20) and GaN epilayers

grown at relatively low temperatures.

Discussion

Our XRD studies, in addition to previous studies, establish that In,Ga;-xN (x < 0.20) films
grow pseudormorphically on GaN pseudo-substrates, even when indium contents and
thicknesses are far beyond the critical limits for plastic relaxation by the generation of MDs
at the InyGa;xN/GaN interface. In addition, our TEM studies show that these films do not
contain repetitive MDs that relieve strain at the In,Ga; xN/GaN interface. Although strain is
expected to remain in wurtzite (0001) films after growth, owing to the fact that there is no
resolved shear force on the basal-plane which inhibits strain relief via dislocation glide on the
main slip system in hexagonal materials ({0001} <11-20>), biaxial strain may perhaps be
relieved by the presence of other extended defects in the film which may reduce misfit strain
below the critical value for MD formation. For example, VV-defects which provide a local
increase in the film surface area, should relieve some amount of strain [18, 49]. However,
extremely high densities of such defects are necessary for any measurable relaxation to be
observed by XRD [67]. Moreover, as the V-defect density in this work is relatively low (4
0.3 x 10® cm?), it is unlikely that V-pits completely relieve mismatch strain as also
suggested by Song et al. [18]. This is also the case for trench-defects and TDNs, where the
relief of interfacial strain by local increases in film surface area inside the trench [30] only
accounts for strain reduction of a few per cent. The fact that the films are highly strained is
surprising however, since despite there being no mechanism for dislocation glide in the
{0001} <11-20> slip system to relieve interfacial strain, TDs in nitride materials may climb
into the basal-plane, thus forming periodic misfit segments at the interface as also seen by
Sahonta et al. [68]. Although this TD motion is possible [69], it has not occurred in these
films, perhaps owing to the low equilibrium concentrations and self-diffusion constants of
vacancy defects in GaN [70]. Instead, slip on a secondary slip system below the InGaN/GaN
interface was observed by our simulations using the PANIC model. This mechanism forms
half-loops containing two horizontal segments of opposite line direction which cancel each
other’s energies and thus limit any strain relaxation caused by the presence of horizontal
defects in such InyGa;.xN epilayers. This explains the presence of high residual strain in thick

InyGa;xN samples despite their rich defect microstructure.
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Conclusions

Trench-defects in InGaN epilayer samples have been studied in detail and their structure was
found to be identical to those observed in InGaN QW:s [4], comprising meandering stacking
mismatch boundaries (SMBs) connected to a type I, BSF. Furthermore, trench-defects appear
to evolve into more complex TDN structures as the indium content of the film increases.
Moreover, sub-interface horizontal defects were investigated experimentally by TEM and
theoretically by the PANIC dislocation dynamics model. Results show that these defects are
not BSFs as reported previously, but pre-existing threading dislocations, generated originally
at the GaN/sapphire interface, which bend into the c-plane forming half-loops as a result of
thermal mismatch strain (as the epilayers were grown at lower temperatures than the GaN
buffer layer), and from the miscut of the sapphire (0001) surface (0.25 ° £ 0.1 ° along <11-
20>) which allows TDs to glide on the secondary slip system of /5 <11-23> {1-101}. These
results provide a useful insight into the structure and formation mechanisms of different
defects found in 160 nm-thick technologically relevant In,Ga;.xN epilayers with x < 0.20
grown on GaN.
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Figure 1: RSMs around the 204 reflections of samples (a) A (b) B and (c) C. The arrows
show slight increase in compressive strain relaxation as the InN fraction increases in the
samples. Qx and Q; are reciprocal lattice spacings and they represent lateral and vertical

misfit, respectively.
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Figure 2: AFM scans of (a) film A, (b) film B (c) film C, (d) film D, (e) high-resolution scan
of film B, and (f) high-resolution scan of film C. The arrows indicate trench defect structures

and boxed regions indicate TDN structures.
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Figure 3: Cross-sectional WBDF TEM micrographs taken under g(2g) conditions to activate
g = (1-100) for samples (a) A (b) B and (c) C. The arrows indicate trench-defects in (b) and

(©).




Figure 4: Cross-sectional HRTEM images of sample C along the <11-20> zone axis showing
(a) a trench-defect at the InGaN film surface connected to a BSF in the film, (b) magnified
image of the black dotted box lying below a trench in (a), showing an SMB connected to an
11 type BSF.
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Figure 5: Plan-view STEM-HAADF image of sample B taken along the [0001] zone-axis,
showing trench-defect boundary directions along <11-20> and <1-100> with reference to a
hexagonal V-pit ending with boundaries along <11-20>.
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Figure 6: Schematic of a (a) trench and (b) TDN found in thick In,Ga;xN epilayer samples

where a pit is formed every time the SMB changes its direction in the <11-20> direction.
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Figure 7: Cross-sectional WBDF g(2g) TEM image of sample C taken along the <10-10>
zone axis and tilted 6 ° to excite the g = (11-20) diffraction condition, showing defects below
the InyGa;.xN/GaN interface lying parallel to (0001).
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Figure 8: (a) Figure 10: (a) Simulated dislocation microstructure using the PANIC dislocation
dynamics model, correlating well with a (b) STEM-HAADF image of sample C taken along
the <11-20> zone-axis showing a dislocation half-loop and (c) a schematic of a bending TD
below the InyGa;.xN/GaN interface. The dislocation loop is indicated by an arrow in both (b)
and (c).
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Figure 9: Energy-balance critical thickness calculations considering glide on the 1/3 <11-23>
{1-101} slip system in InyGa;-xN epilayers with varying In contents, subjected to a miscut

sapphire substrate and thermal mismatch.
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Figure 10: (a) Simulated dislocation microstructure using the PANIC dislocation dynamics

model correlating well with (b) a WBDF g(2g) TEM image for sample D activating g = (1-

100). The arrows show sub-interfacial defects.
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