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SUMMARY

Understanding the effects of aged microstructures on the thermomechanical

fatigue (TMF) properties of nickel-base (Ni-base) superalloys remains unclear. Few

experimental results are currently available in this area, and of the limited results

available, some promote aged microstructures as beneficial, while others as detri-

mental. The importance of these aged structures arises from the fact that when

components used in the hot sections of gas turbine engines remain in service for ex-

tended periods of time, the local temperature and stress provides the catalyst for the

evolution of the microstructure.

An experimental assessment of a negative misfit directionally solidified (DS) Ni-

base superalloy was undertaken to characterize the aging kinetics and understand

the influence of the TMF cycle temperature extremum, temperature-load phasing,

mean strain, creep-fatigue, orientation effects, and microstructure on TMF fatigue

crack initiation. To determine the effects of aging on the TMF response, the as-heat-

treated alloy was artificially aged to three unique microstructures identified in the

aging kinetics study. The experiments revealed that not all aged microstructures are

detrimental to the fatigue life behavior. Specifically, when the γ′ precipitates age in a

manner to align themselves parallel to the axis of the applied stress, an increase in the

fatigue life over that of the as-heat-treated microstructure is observed for out-of-phase

TMF with dwells.

To extend the experimental understanding of the aged microstructures into ser-

vice component design and life analysis, a temperature-dependent crystal viscoplas-

ticity (CVP) constitutive model is developed to capture the sensitivity of the aged

microstructure through embedding additional variables associated with the current

xviii



state of the γ′ particles. As a result of the adaptations, the CVP model has the

ability to describe the long-term aging effects of directional coarsening relevant to the

analysis industrial gas turbine hot section components.
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CHAPTER I

INTRODUCTION

1.1 Motivation

Nickel-base (Ni-base) superalloys are often the choice material for hot section com-

ponents of gas turbine engines (GTE) and are responsible for the high efficiency that

GTEs exhibit over all other power generation methods. Gas turbines can be placed

into one of two classifications, industrial gas turbine engines (IGTE) and aerospace

engines (aero). Regardless of classification, the ranges in size of the engines can be

drastic, with industrial units being able to output anywhere from 10 to 450 MW per

unit, and the largest aero engines outputting 140 MW [1].

With the different engine classifications arise differences in the demands and re-

quirements of the materials of which they are comprised. IGT engines are often

exposed to natural gas fuels containing chemical impurities such as sulfides and phos-

phides, which result in highly corrosive operating environments. Additionally, op-

erators of IGTs have a desire to operate the units at higher firing temperatures to

encumber increased efficiencies while continuously operating the engine for months

between shutdowns. On the aerospace side, operators burn high-grade aviation fuels,

require the engines to be as lightweight as possible, and endure thousands of start-up

and shutdown cycles, while also demanding ever increased operating temperatures.

Because of these demands Ni-base superalloys remain the only material class capable

of withstanding the operating conditions.
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Figure 1.1: Progress in engine firing temperature and maximum exposure
temperature of the airfoil material [2].

In the materials design realm, the creep performance has traditionally been the

driving factor and measure of improvement of Ni-base superalloys [3]. However, so

great have the creep properties been enhanced, that thermomechanical fatigue (TMF)

cracking in localized regions have become the main factor of component failure or re-

moval from service [4–6]. Further highlighting the importance of TMF occurring in

Ni-base superalloys is that a 300◦C drop in the minimum temperature of the TMF

cycle results in a two third decrease in the fatigue life [7]. Additionally, fatigue eval-

uation of new alloys only considers laboratory tests on the as-heat-treated material,

which in real materials used in hot section components is short lived.

In developing the next generation of Ni-base superalloys, the experimental efforts

required to determine the proper alloy chemistry, solidification conditions and heat-

treatment is an extensively involved process aside from being extremely costly [8].

As the design tools for engineers have increased, the development cycle for new com-

ponents has dropped to a quarter of that of a new material. As such, material

development has not kept pace with the engine development cycle. In regards to

materials, modification of a current alloy requires four years, new materials within
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an existing alloy class ten years, with new alloys twenty years and up [8]. With this

disparity, the concept of integrated computational materials engineering (ICME) has

become increasingly embraced by industry and government as a means to tie together

the alloy design and evaluation phase to that of the component design phase, alloying

turbine engine manufactures to more rapidly develop and optimize alloys and heat-

treats [9–12]. Among the great challenges facing wide spread acceptance of the ICME

concept are cases of successful application of the method to trusted alloys [13].

1.2 Research Objectives

Inevitability, the day from which a GTE begins operation, the materials within the

engine undergo thermal and load exposure that ultimately lead evolution of the mi-

crostructure. Per current material and engine component design methodologies, the

mechanical properties of the as-heat-treated material have traditionally been assumed

applicable to the entire life of a service component. Generally, this assumption is not

valid. Ultimately, the combination of materials design and component design has

slowed overall advancements in GTE technology. Through this work questions and

ideas prevalent in alloy and component design will be discussed. Further, a frame-

work for coupling experimental with computational techniques to decrease the gap

that currently exists will be presented. The specific topics addressed here:

1. Fully understand and characterize the kinetics of directional coarsen-

ing in the heterogeneous microstructure of a Ni-base superalloy and

develop artificially aging profiles that capture long-term aging of the

alloy in service. From the day a service component begins operation, the mi-

crostructure evolves according to thermomechanical exposure. To characterize

this evolution, experiments were be preformed on CM247LC-DS to determine

and understand the kinetics of isotropic coarsening and directional coarsening

formation within the material.
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2. Determine the effects of TMF loading conditions on the crack ini-

tiation in a Ni-base superalloy in the as-heat-treated state. During

normal operation a service component is exposed to a variety of TMF loading

conditions, each with varying impacts on the material’s fatigue life. To un-

derstand the effects of TMF loading conditions, experiments will be preformed

on CM247LC-DS where the TMF cycle temperature extremum, temperature

strain phasing, mean strain, creep-fatigue interactions, and orientation effects

on the crack initiation are investigated.

3. Establish an understanding of the effect of thermally induced mi-

crostructure changes on the monotonic and cyclic deformation re-

sponse of a Ni-base superalloy. Currently, the understanding of the benefits

or determinants of aged microstructures under relevant IGTE TMF conditions

is unclear. To provide clarity, experiments on CM247LC-DS in the isotropic

coarsened and directionally coarsened microstructure states under IGTE rele-

vant TMF conditions will be conducted.

4. Establish a crystal viscoplastic model that captures the influences of

aging on the cyclic behavior of a Ni-base superalloy. In most crystal

viscoplasticity models, the microstructure morphology is assumed to be static

and the softening effects associated with the aging of Ni-base superalloys are

neglected. An analytically derived kinetics model is embedded within the CVP

model framework to account for microstructural evolution, which allows updat-

ing of the material parameters for the current state of the microstructure.

1.3 Thesis Overview

The work to be discussed is done so in a logical manner, such that the topic of cur-

rent discussion provides the basis for the subject of the succeeding chapters. Firstly,

Chapter 2 provides a general review of Ni-base superalloys and gives insight into the
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complexities of their design, and where the current state-of-the-art stands. Presented

in Chapter 3 are the experimental methods utilized in this study and how the mi-

crostructure of CM247LC-DS was artificially aged. Proceeding into Chapter 4 is a

discussion on the techniques used to characterize the microstructure of a Ni-base su-

peralloy in the aged state. Chapter 5 transitions into discussing the fatigue properties

of CM247LC-DS and how TMF conditions influence the alloy’s resistance to fatigue

crack nucleation. Extending the results of Chapter 5, Chapter 6 examines the influ-

ences of the aged microstructures on the TMF behavior of CM247LC-DS. In Chapter

7 modifications to a crystal viscoplasticity model will be presented that allow for the

model to become microstructure sensitive. Closing, Chapters 8 and 9 provide the

conclusions and recommendations for continuation of this work into the next phase

of development.
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CHAPTER II

BACKGROUND

2.1 Chemistry, Solidification, and Crystallography of Ni-
base Superalloys

2.1.1 Alloy Chemistry

In all forms, Ni-base superalloys are composed of two primary phases, an A1 matrix

phase termed γ and a L12 precipitate phase denoted by γ′. The γ matrix is a disor-

dered FCC like structure, where the alloying elements are allowed to occupy any of

the atomic positions. In contrast, the γ′ phase is an ordered intermetallic phase with

a stoichiometric composition of Ni3Al, where alloying elements of similar atomic and

electronic structure may substitute with Ni in the lattice. Aside from the γ and γ′

phases, secondary phases such as carbides, borides, and topologically closed packed

(TCP) phases also have the possibility of occurring; however, their presence is highly

dependent on alloy chemistry, solidification conditions, heat-treatment, and service

temperature exposure of the material [14]. Typically modern alloy compositions are

engineered to avoid all but the γ, γ′, and carbide phases, as the other potential phases

often detract from the desired mechanical performance of Ni-base superalloys [14–16].

The chemistries of modern Ni-base superalloys typically contain ten or more al-

loying elements, where the elements can be classified into one of the following three

categories [14,16]:

1) Solid-Solution Strengtheners: Elements such as cobalt, chromium, molybde-

num, ruthenium, and rhenium segregate to the γ phase and provide solid so-

lution strengthening to the matrix through their higher melting temperature

when compared with nickel.
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2) Precipitate Strengtheners: Aluminum, titanium, and tantalum form the (Ni,Co)3

(Al,Ti) line compound or γ′ phase [17].

3) Grain Boundary Strengtheners: Carbon and boron are added to allow for the

formation of carbides and borides to strengthen the grain boundaries which is

relevant to polycrystalline and directionally-solidified (DS) materials.

Shown in Table 2.1 is the chemical compositions of DS and SX Ni-base superalloys

currently in common use in aero and IGT engines. In most cases, the chemical com-

positions of these alloys were derived from Mar-M247 with the intention of increasing

the fatigue resistance in the intermediate temperature range, enhancing carbide sta-

bility, decreasing the amount of γ−γ′ eutectic, and in the case of DS alloys decreasing

grain boundary cracking in the case of DS alloys [18].

Table 2.1: Chemical Compositions of commonly used Ni-base superalloys [16,18].

Alloy Cr Co Mo W Al Ti Ta Hf C B Zr Re Nb Ni
Mar-M247LC-DS 8.4 10.0 0.7 10.0 5.5 1.0 3.0 1.5 0.07 0.015 0.05 - - Bal

CM247LC-DS 8.1 9.2 0.5 9.5 5.6 0.7 3.2 1.4 0.07 0.015 0.01 - - Bal
CMSX-4 6.5 9.0 0.6 6.0 5.6 1.0 6.0 - - - - 3.0 - Bal
CMSX-10 2.0 3.0 0.4 5.0 5.7 0.2 8.0 0.03 - - - 6.0 0.1 Bal

2.1.2 Solidification

Through various casting techniques, Ni-base superalloy components can be made in

polycrystalline, DS, and single crystal (SX) forms as shown in Figure 2.1 [16,19,20].

Amongst the variants, each have their own defining microstructural characteristics.

With conventionally cast superalloys, no effort is made to control the orientation

of the individual grains through heat removal and the resultant is a randomly ori-

ented microstructure. Directionally-solidified materials are typically oriented such

that all grains have a common principle axis and no attempt to control the secondary

orientations. In the case of SX materials, both the primary and secondary crystal

orientations are controlled [19].
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Figure 2.1: Cast airfoils with a) Equiaxed crystal structure b) Directionally
solidified structure and c) Single crystal structure [16].

While great control over grain orientation has been introduced into the casting

of Ni-base superalloys, solidification of alloys results in dendritic structure, which

possess unwanted inhomogeneities within the structure on a macro and micro-scale.

On the macroscale, are the primary, secondary, and tertiary dendrite arms, along with

the interdendritic regions, i.e. the regions between neighboring dendrites as depicted

in Figure 2.2. On the micro-scale, the solidification conditions influence the amount

of elemental segregation in such a manner that the solidification front rejects alloying

elements from the solid/liquid interface that have different atomic properties from

that of the bulk element nickel. Ultimately, once solidification is complete, the net

resultant is that the majority of the heavy elements reside in the interdentritic regions

and the dendritic core is rich in nickel and aluminum [14].
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Figure 2.2: Generic dendritic structure of a cast alloy [21]

To a degree, the macro-scale inhomogeneities can be controlled through rate of

solidification of the alloy. Experimentally, the spacing of the primary and secondary

arms have been found to follow the linear relationship,

λ =
V

R
(2.1)

where, λ is the primary dendrite spacing, V is the solidification velocity and R the

thermal gradient [19,22,23]. The factor V/R is also known as the local rate of cooling

within the casting [21]. Ultimately, to make the casting process feasible for industry

use, practical solidification rates must be used.

2.1.3 Heat Treatment

As a balance in choosing feasible casting conditions and promoting desirable mechani-

cal properties, all Ni-base superalloys are given multi-step heat-treatments. Although

the complexity of the heat-treatment can vary by alloy, the steps can generally be
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classified into two categories, solutioning and aging. A representative heat-treatment

for the DS Ni-base superalloy Rene 80 is shown in Figure 2.3. During the solutioning

stage, the γ′ is dissolved into solution in an attempt to remove compositional spatial

differences within the alloy which ultimately controls the lattice misfit

δ = 2
a′γ − aγ
a′γ + aγ

(2.2)

between the γ and γ′ phases. Although solution treatments are effective in aiding re-

moval of compositional gradients in Ni-base superalloys, there are still practical limits

of this homogenization step and achieving true compositional homogenization is im-

possible [?]. As an example of the dependence of δ on the local chemical composition,

is the X-ray diffraction derived empirical relation,

∆δ = 10− 3 (4.6Al + 1.7Mo+ 2Ti+ 0.9W + Cr) + 0.5Ta (2.3)

where ∆ is the difference from the ideal γ and γ′ phases and the elements are given

in atomic percent [14].

Figure 2.3: Example multi-step heat-treatment given to Rene 80 [24].

Upon the cooling from the solution temperature, the γ′ precipitates according to

traditional nucleation and growth mechanism. Initially the γ′ nucleate as spheres
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from the super saturated solution, but with continued aging the spheres eventually

undergo a morphological transformation into cubes and ripen according to the Oswald

coarsening mechanism [19]. Shown in Figure 2.4 is a representative micrograph of the

γ − γ′ microstructure obtained after heat-treatment for the SX Ni-base superalloy

CMSX-4

Figure 2.4: Resultant microstructure for SX CMSX-4 after multi-step
heat-treatment [16]. White is γ′ and black γ.

2.1.4 Carbides and TCPs

The precipitation of certain carbides is often promoted within Ni-base superalloys as

carbides can provide additional strength, particularly in the case of polycrystalline

and DS alloys. Most often, carbides are relegated to the grain boundaries and the

interdendritic regions of the microstructure. The commonly encountered carbides are

of the MC, M6C, and M23C6 type, where, M represents Ti, Cr, or a refractory element

in within the alloy [14]. The typical morphology of the carbides is a random Chinese

script or blocky morphology as shown in Figure 2.5.
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(a) (b)

Figure 2.5: Chinese script morphology of carbides within Ni-base superalloys (a)
Along a grain boundary in DS GTD-111 [25] (b) Carbide extracted from a GTD-111

matrix [26].

The primary MC-type carbides normally form during the solidification process at

temperatures near the liquids temperature of the alloy and float in the molten liquid

until becoming trapped in the last liquid to solidify in the interdendritic areas. Like

the γ′ phase, MC carbides also take on a FCC structure [15]. Although they are

extremely stable, MC carbides are the primary source of carbon for the formation of

the other carbide types which are formed through high temperature decomposition

reactions [15].

One of the primary solid state reactions occurring within Ni-base superalloys in-

volves MC carbides and the γ matrix, in the 870-950◦C temperature range, and can

be written as,

MC + γ →M23C6 + γ′ (2.4)

The reaction equation is the result of experimental observations that both M23C6 and

γ′ form in the same areas as the degenerated MC carbides [14,15,27,28]. Below 871◦C

the decomposition of the primary MC carbides can not occur [29].

M6C carbides typically form in the 815-980◦C temperature range and form in

regions of high refractory element content. The formation of the carbides occurs
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through the replacement of chromium in other carbide types with molybdenum or

tungsten. As a grain boundary strengthener, M6C carbides remain stable above tem-

peratures that cause M23C6 to breakdown. Like M23C6, M6C is formed via reaction

between MC carbides and γ according to

MC + γ →M6C + γ′ (2.5)

Further, M6C and M23C6 have the ability to react to form one another by the follow-

ing,

M6C +M ′ →M23C6 +M ′′ (2.6)

where M’ and M” represent metal species exchanging positions in the carbide reaction.

However, the above reaction is highly dependent on the alloy chemistry, and the local

refractory element concentrations. Of the possible reactions, the reaction presented

in Equation 2.4 is typically the most observed in modern Ni-base superalloys and is

the result of the heat-treatment processes used on the alloys [15].

2.2 Aging of Ni-base Superalloys

2.2.1 Stress-free Coarsening

Coarsening is the process of solute redistribution between particles of different sizes,

where small particles dissolve at the expense of the larger growing particles. Overall,

the driving force for coarsening is the reduction in free energy associated with the

precipitate-matrix interface. The difference in local composition surrounding the

precipitates of different sizes provides the diffusion mechanism for coarsening to occur.

During the coarsening process, the volume fraction of the precipitate phase remains

relatively constant. Typically studied is the case of spherical particle coarsening,

which can be linked with the heat-treatment process. However, over the course of

service exposure the coarsening processes of the optimized γ′ cubes play a crucial role
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in controlling the mechanical performance of the material.

The γ′ coarsen according to a cubic rate law which is associated with the diffusion-

controlled Ostwald ripening process. However, for long term coarsening, the cubic

law is assumed valid; however, there are a lack of long-term studies reported in the

literature. Of the commercial alloys studied under long-term coarsening conditions

have been experimental Ni-Al-Ti-Mo alloys, Nimonic 80A, IN939, and Rene 80. In

each of these studies is observed that a γ′ size saturation occurs. The exposure time at

which the size saturation occurs has been reported to be temperature sensitive. Some

reports have placed the particle size stabilization occurrence on the development

of interfacial γ − γ′ dislocation networks. Further, at extremely long coarsening

times, decreases in the average particle size have been observed. This is attributed to

formation of γ′ octets and platelets which are lower in energy than a single large γ′

cube [30–37]. The activation energy for coarsening processes in Ni-base superalloys

is in the neighborhood of 100-200 kJ/mol [36].

Figure 2.6: Coarsening of γ′ in an experimental Ni-Al-Ti-Mo Ni-base superalloy
after thermal exposure at 982◦C for (a)25 hrs (b)50 hrs (c)1500 hrs and (d) 5000

hrs [32].
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Early amongst the attempts to predict precipitate growth was the LSW model,

developed by Lifshitz, Slyozov, and Wagner [38]. The LSW model assumes that

the precipitate volume fraction is sufficiently small such that neighboring particles

have great enough separation such that no elastic interactions occur between the

particles. From this, the LSW theory predicts that the variation of the average

radius of coarsening particles as a function of time is given by,

r3 − r3
o =

8DσVmt

9RT
(2.7)

where Dσ is the diffusion coefficient of the solute in the matrix, Vm is the molar

volume of the precipitate, R is the ideal gas constant, T is temperature in Kelvin, ro

the initial particle size, and t is time. While, the LSW model was found to provide

predictive capability for dilute alloy with no particle interaction, the assumption that

neighboring particles do not influence the growth of other particles greatly inhibits

the direct extension to engineering alloys.

As a result of the shortcoming of the LSW model, modifications have been pro-

posed that account for the effects of large precipitate volume fractions found in mod-

ern engineering alloys. Amongst them are the LSW modified and the LSW Encounter

Modified theories that have been developed to include such influences as that of dif-

fusion fields around individual particles and that of particle coalescence [39–41]. The

primary modifications have been towards accounting for the volume fraction of the

precipitates through the addition of modifying parameters in the rate constant. In

general, the modified theories have been met by limited success, with the encounter

type models achieving the best results on average [32,36,42].

2.2.2 Stress-Assisted Coarsening

In the heat-treated state, the stresses within the γ-γ′ microstructure reaches mag-

nitudes within the ranges of what one expect the materials to bear under external
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loads. FEM results similar to those in Figure 2.7 show the distribution of the stresses

within the γ channels and the γ′ precipitate. The FEM results have also indicated

that these internal stresses are largely unaffected by changes in the temperature [43].

Figure 2.7: Contours of Mises equivalent stress associated with the initial misfit in
CMSX-3 at 1050◦C in (a) the γ matrix and (b) the γ′ precipitate [43].

With the addition of an external stress to the highly stressed microstructure at

temperatures above 850◦C [44], sufficient energy is available to the composite γ − γ′

system such that the highly optimized γ′ precipitates can undergo a process termed

directional coarsening (DC) or rafting. DC is best characterized by the narrowing

and subsequent widening of certain γ matrix channels. From Udmit-700, a positive

misfit alloy, came some of the first studies of the effects of stress induced directional

coarsening [45, 46]. Ultimately the actual direction in which the γ′ coarsens depends

on both the sign and magnitude of the lattice misfit of the alloy under question and

the sign of the applied stress [43,47]. For classification purposes (Figure 2.8),

N-type rafts are those that coarsen with the long side normal to the axis of the

applied load and require a tensile stress and negative misfit or a compressive

stress and positive misfit

P-type rafts are those that coarsen with the long side parallel to the axis of the

applied load and require a tensile stress and positive misfit or a compressive
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stress and negative misfit

Figure 2.8: Microstructure states of Udmiet-700 with a positive lattice misfit (a)
As-heat-treated state (b) Stress-free high temperature exposure resulting in

coarsening (c) Tensile creep exposure resulting in P-rafts (d) Compressive creep
exposure resulting in N-rafts [45].

From the perspective of precipitate evolution kinetics, rafting can be considered

a two-step process. Early on the kinetics are dominated by the morphology change

kinetics, later in the process, the dominant mechanism in the kinetics is that of

coarsening as shown in Figure 2.9 [48]. The transition between rafting and coarsening,

has been found to be roughly independent of temperature and stress, with a value

of three times the initial γ channel width. Further, experimental observation have
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determined that during the rafting process, the γ′ volume fraction and precipitate

periodicity remain nearly constant [48,49].

Figure 2.9: The kinetics of widening of γ-channels in [001] single-crystals of
CMSX-4. (a) Increase of the channel width w during load annealing at 950◦C,

110MPa. (b) Widening rate during rafting ẇcube as a function of temperature and
stress. [48]

As for explanations for the occurrence of rafting, much debate has been made as

to whether the process arises from purely elastic strains or plastic strain. Generally,

the basis that rafting occurs through plastic deformation within the γ channels is now

widely accepted [50]. Through TEM analysis, the distribution of dislocations within

the γ channels has been found to be nonuniform, such that there are preferential

γ − γ′ interfaces where dislocations will collect depending on the sign on the applied

creep stress [35, 43, 51]. Additionally, within the γ channels has been shown that

stresses of magnitude to those that would be externally applied are present as result

of the lattice misfit between the phases. In a theoretical sense, work has shown

that elemental concentration gradients exist along the surface of the precipitates and

are influenced by the applied stress and are a function of position on that surface.

Further, the stress field has been found to alter the local growth kinetics, that results

in a theoretical preferential direction to the coarsening [50,52].
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2.3 Precipitate Strengthening

In the standalone forms, neither pure γ or γ′ present the necessary properties required

of materials for high temperature service; however, when combined they exhibit un-

paralleled properties amongst all material classes (Figure 2.10). In the pure form

Ni3Al deforms through {111} 〈110〉 slip at all temperatures until the structures dis-

order temperature at 1385◦C. At temperatures below 800◦C, {111} slip has been

observed to be heterogeneous, while above the slip is homogeneous or in other words

all possible slip planes are active. Occurring with the Ni3Al structure, are three

distinct types of stacking faults:

1) Superlattice (intrinsic (SI) or extrinsic (SE)) faults which are shear displace-

ments of 1
3
{111} 〈112〉

2) Antiphase boundary (APB) faults which are produced via a
2
{111} 〈110〉 shear

3) Complex faults (CF) which are a superposition of the prior two and result in a

shear of a
6
{111} 〈112〉.

Figure 2.10: a) Section through the NiCrAl ternary phase diagram at 75 at% Ni
b) Variance of the 0.2% flow stress of a Ni-base superalloy as function of γ′ phase

fraction [53].
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Within the larger context of the composite γ−γ′ structure, the γ′ particles have the

ability to influence the mechanical behavior of Ni-base superalloys in many manners;

however amongst them all, order strengthening is the dominant mechanism [16, 54,

55]. This was first evidenced through TEM work on the Ni-base superalloy Mar-

M200 which revealed dislocations of the type a
2

〈
110
〉
{111} are unable to enter γ′

precipitates without a trailing dislocation to reset the APB formed as a result of the

passage of the first dislocation. Ultimately, the energy associated with the formation

of the APB is the resistance that must be overcome if plastic deformation is to occur

[54–57]. And such, the rate controlling step for plastic deformation to occur in Ni-base

superalloys is the movement of a dislocation from the γ matrix to the γ′ phase.

Depending on the size and spacing (volume fraction) of the γ′ precipitates, the

dislocation-precipitate interaction can be classified as either weak or strong [58, 59].

Specifically, weakly coupled dislocations is when the spacing of the dislocation is large

compared to the diameter of the γ′ particles as shown in Figure 2.11. Typically, the

weak association is connected with Ni-base superalloys with low volume fractions of

γ′ which occurs in the early Niomic type superalloys or in the underaged (pre-heat-

treatment) state [60].

Figure 2.11: Weak pair-coupling of ordered γ′ being sheared by dislocation
pairs [16].
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Figure 2.12: Strong pair-coupling of ordered γ′ being sheared by dislocation
pairs [16].

In the aged and over-aged states, weak dislocation mechanics are no longer ap-

plicable, and gives rise to strongly coupled dislocations where the spacing between

γ′ particles is on the same order as the spacing of the dislocation pairings as shown

in Figure 2.12. In contrast to weak dislocations, each particle can have a dislocation

pair association. Ultimately the applied shear stress required to pass a dislocation

through a γ′ particle must balance the net repulsive force between the dislocation for

each dislocation. The critical shear stress is given by [16],

τc =

√
3

2

(
Gb

r

)
f 1/2 o

π3/2

(
2πγAPBr

wGb2
− 1

)1/2

(2.8)

where G, b, f, and γAPB have the same definitions as prior, o is a small dimensionless

constant to account for numerical uncertainties, and r is the radius of the γ′ particle.

Resulting from the γ′-dislocation interaction in the heat-treated state, is perhaps

the most novel aspect of Ni-base superalloys; Ni-base superalloys exhibit a positive

temperature dependence of the yield strength through the 700-800◦C temperature

range. This is directly attributable to the highly anisotropic energy associated with

anti-phase boundaries in the γ′ precipitates which results in the cross slip of dis-

locations from the {111} to {001} forming entanglements known as Kear-Wilsdorf

locks [61].
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2.4 Creep Behavior of Ni-base Superalloys

Between the three classes of cast Ni-base superalloys, all exhibit identical behavior

in the early stages of creep as shown in Figure 2.13; however, conventionally cast

materials fail after a creep strain of 2-3%, while DS and single crystal versions of

identical alloy chemistry fail after creep strains of 20-30% while being exposed to

identical loads and temperatures. In the conventionally cast state, the boundaries

between neighboring grains become regions for concentration of significant amounts

of inelastic strain and as a result, fracturing of the grain boundaries transverse to the

applied load occurs [62].

Figure 2.13: Creep testing of Mar-M200 in conventionally cast, directionally
solidified, and single crystal forms at 206 MPa and 982◦C [61]

In discussing the deformation mechanisms associated with the stages of creep

in the context of Ni-base superaloys, the temperature and applied stress must be

taken into consideration. This is because, with variation in temperature, arises a

variation in the deformation phenomena; as a result a pairing of temperature ranges

(temperature in ◦K) in relation to the melting temperature of the alloy and creep

deformation mechanisms for Ni-base superalloys is required and can be classified in
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the following manner [63]:

- Low temperatures T
Tm

< 0.6

- Intermediate temperatures, T
Tm
≈ 0.6− 0.7

- High temperature, T
Tm
≥ 0.7

2.4.1 Low Temperature Creep

The low temperature regime is dominated by high stresses and γ′ shearing. Primary

creep occurs through 〈112〉 slip on {111} [64]. The slip is thought to occur through

the reactions of Schokey partials of the 1
2
〈110〉 at the γ\γ′ interface. Overall, a 1

3
[1̄12]

dislocation enters the γ′ precipitate, while leaving behind a superlattice intrinsic

stacking fault (SISF) and a 1
6
[1̄12] at the precipitate interface. With further reactions

occurring and passage of similar dislocations through the γ′ precipitates, the SISFs are

eliminated and the precipitates are sheared. The transition to secondary creep occurs

once a duplex slip orientation is reached. Once activated, this multi-slip condition

prevents slip from occurring on the 〈112〉 and slip then occurs through on the 〈110〉

system.

2.4.2 Intermediate Temperature Creep

The intermediate temperature range, cutting of the γ′ particles becomes difficult as a

result of lower creep stress, and as a result the γ channels sustain significant inelastic

deformation. Before the start of primary creep, a incubation period is often observed

where no measurable macroscopic strains occur. During this incubation period grown-

in networks of dislocations serve as sources for a
2
〈110〉 dislocations that when gliding

through the γ channels deposit mixed or pure screw dislocations at the γ\γ′ interfaces.

During the incubation period, the dislocations glide almost exclusively through the

channels that are horizontal to the applied load in a manner to relieve the stresses that

result from the lattice misfit. In the case of compressive creep, the dislocations glide
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through the vertical channels. Ultimately, the incubation stage sets-up a dislocation

network that is highly inhomogeneous in nature and further, primary creep can not

progress until the density of dislocations has reached a critical state. [51,63]

With the passage into the primary creep regime, the dislocation density continues

to increase until all the γ channels are filled [63]. Typically, dislocations of a single

Burgers vector are present due to the limited sources of dislocations and react to

deposit dislocation segments on γ′ precipitate faces at 45◦ to the cube face. In cases

where dislocation reactions do not occur, dislocation climb along the cube faces occurs

resulting in a misfit relief. As observed by Pollock et al. [51], the strain accumulated

during primary creep is often of the same magnitude required to relieve the internal

stresses in the microstructure that result from the lattice misfit. This strain accumu-

lation during primary creep corresponds to a decrease in the overall creep strain rate

towards the end of primary creep. This is a result of the reduction of the internal

stresses of the material, that are initially of the same order as the applied stress [65].

Only in the secondary creep regime has shearing of γ′ particles been observed,

and this only after strain accumulations of 2-3% [51]. The shearing phenomena, is

the result of increases in stress within the precipitates while the surrounding matrix

accumulates strain according to power law creep. In the case of high γ′ volume

fraction containing alloys, the shearing of the precipitates occurs through the passage

of pairs of a
2
〈110〉 matrix dislocations coupled with an APB [51,66]

2.4.3 High Temperature Creep

The ultimate defining characteristics for the high temperature creep regime is the

rapid development of equilibrium interfacial dislocation networks and the other being

the directional coarsening of the γ′ precipitates. Similar to the intermediate tem-

perature regime, the early stages of primary creep are marked by inhomogeneous

dislocation distributions from the limited number of dislocation sources. However, as
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a result of the higher temperatures, dislocations can more rapidly diffuse through the

γ channels, alleviating the misfit stresses. From a mechanical behavior point of view,

the transition from that of primary creep to that of secondary or steady state creep is

that of a plateau in the creep curve, this is normally correspondent to the evolution

of the γ′ structure from cubes to rafts.

The appearance of the constant strain rate is the direct result of a climb and

dynamic recovery process occurring within the alloy. A defining characteristic of

solid solutioned strengthened alloys, is that in the steady state creep regime is that a

viscous glide mechanism operates at the beginning and end of the regime [67]. Macro-

scopically this is seen as the formation of voids and porosity through the coalescence

of dislocations to localized regions within the material. In the case of high stress and

temperature, the deformation mechanism that dominates is that of shearing of the

γ′ phase by couples of a
2
〈001〉 dislocation [16, 68]. In the temperatures range of 650-

750◦C, and for low stress, there is not enough energy to push the dislocations through

the γ′ precipitates due to the high energy associated with the anti-phase boundaries

in γ′, and as a result the dislocations must loop around the precipitates [69–71].

The transition into the tertiary creep regime is normally marked by topological

inversion of the phases, so that the γ′ becomes the matrix and an acceleration in the

creep rate as a result of the ease in which a〈100〉 dislocations can move through the

interconnecting γ′ matrix [71]. In the tertiary creep regime, the dominant dislocation

mechanism is 〈11̄0〉 {111} with these dislocations primarily being screw in nature.

Further the deformation that occurs is homogeneous in nature, generally with more

than two slip systems active [51,72–74].
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2.5 Fatigue Behavior of Ni-base Superalloys

In the operation of GTE, the start-up and shutdown of the engines is dominated

by low cycle fatigue (LCF) interactions. Under these cyclic LCF conditions, Ni-

base superalloys exhibit both temperature and strain rate dependent phenomena.

However, a standard feature of Ni-base superalloys is that they rapidly achieve cyclic

stability early in life at all temperatures and strain rates. In the case of isothermal

LCF exposure, Ni-base superalloys exhibit a hardening effect that is the result of an

increase in the dislocation density until a sustained state has occurred [68]. However,

depending on the TMF load conditions either hardening or softening can occur.

For temperatures below 750◦C, the cyclic defromation of Ni-base superalloys is

dominated by inhomogeneous slip and shearing of the γ′ precipitates by a
2
〈110〉 on

{111} slip planes. Due to this shearing mechanism, Ni-base superalloys are largely

strain rate independent at temperatures where the alloys strength is derived from

that of the γ matrix phase which is generally below 750◦C. At lower temperatures,

Ni-base superalloys are restricted to slip along the {111} planes due to the limited

amount of cross slip. A characteristic of low temperature fatigue is the formation

of slip bands, which accommodates the plastic deformation, the ultimate spacing

of which is an indication of the heterogeneity of the plastic deformation. However,

increased plastic strain leads to more homogeneous deformation, i.e. decreased slip

band spacings which is anomalous to multi slip [75].

At temperatures in the 750-900◦C range, thermally-assisted processes begin to

become possible and as a result cross-slip of dislocations is feasible. Further, for su-

peralloys tested at low strain ranges under TMF conditions, localized recrystallization

of material heavily deformed in slip bands has been observed, and attributed to the

non-crystallographic fracture of superalloys [76]. Additionally, slip bands have been

found to be precipitation sites for TCP phases [76].

In increasing the exposure temperatures of the cyclic loading further, (> 900◦C)
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and low stress levels, the deformation of Ni-base superalloys becomes more or less

homogeneous as a result of deformation being localized to the γ channels and thermal

sources providing the necessary energy for dislocations to easily cross-slip on the

most highly stressed {111} planes [77]. Additionally, the increased thermal energy

allows for the rapid formation of equilibrium dislocation networks similar to high

temperature creep. At high temperatures, transmission electron microscopy (TEM)

observations indicate that the dislocations are stored at the γ − γ′ interfaces and are

typically nearly edge in character. Further, slip bands are found to be non-existent

as a result of fewer dislocations being required to accommodate the plastic strain

introduced into the material [68].

Orientation of DS and SX material has been observed to play a strong role in

the fatigue life of the material [16, 78–82]. Typically, the greatest life for a Ni-base

superalloy occurs when loaded along the [001] crystallographic axis. Much of the

reduction in life observed for non-[001] fatigue lives can be attributed to the higher

stresses for identical strains and the reduction in the number of available slip systems

to accommodate the inelastic deformation of the material. While the differences in

life are alloy and load dependent, differences as great as factors of ten have been

reported. With the greatest differences in life occurring for small mechanical strain

ranges.

In an effort to better simulate the fatigue conditions of hot section components,

TMF conditions where a temperature waveform is imposed on a load waveform are

often used. The most common TMF test types are out-of-phase (OP) and in-phase

(IP) waveforms as shown in Figure 2.14. In OP loadings, the temperature and loading

waveforms are 180◦ out of phase, while for IP loadings the waveforms are in phase

(0◦). In Figure 2.14 the loading can be of the form of an applied force, axial strain,

displacement, etc. Of the two TMF cycle types, OP TMF is often considered to be

the life limiting cycle [83,84].
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(a) (b)

Figure 2.14: Thermomechanical fatigue waveforms for (a) Out-of-phase (b) and
In-phase.

Resulting from the temperature-load phasing are differences in the damage mech-

anisms that lead to ultimate material failure. IP TMF of Ni-base superalloys is often

considered the less damaging cycle definition as thermal exposure occurs during ten-

sile stresses and the stresses at lower temperature are reduced which limits the slip

band interaction in the materials [84]. Ultimately, the failure of the material is the re-

sult of fatigue crack propagation originating from damage that the γ matrix sustains

under low temperature high stress conditions [7, 85]. In the case of OP TMF, oxides

brittle oxides form on the material surfaces, and when undergoing strain reversals

often crack or spall causing the oxidation of fresh material. In the case of continued

oxide cracking the net result are oxidation spikes into the bulk material that become

prime locations for fatigue crack nucleation as shown in Figure 2.15 [84]
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Figure 2.15: Surface oxidation and mechanical interaction illustrating (a) oxide
spiking and (b) oxide spallation schematic [25].

From the results of transmission electron microscopy on Ni-base superalloys ex-

posed to TMF deformation has been reported that dislocation arrangements are the

net result of dynamic recovery processes taking place during the high temperature

portion of the TMF cycles. At the γ − γ′ interfaces, hexagonal dislocation networks

are observed to have formed as a result of high temperature climb. In view of the fact

that in strain-controlled fatigue the net strain per cycle is zero, it is proposed that the

sign of the dislocations in the networks is such that the internal stresses due to the

lattice mismatch are reduced, in contrast to the case of monotonic deformation where

the sign of the dislocations is governed by the sense of deformation [85]. Typically,

in TMF the density of dislocations observed within the γ′ precipitates is extremely

low [86].

Unlike service components where microstructure evolution readily occurs, labora-

tory fatigue experiments are often too short to allow for significant microstructural

evolution. As a result, efforts to artificially produce aged microstructures and investi-

gate their fatigue properties has been considered [6,87]. In the case of polycrystalline

Rene 80 given a tensile pre-creep treatment and tested at 871◦C [88], the resulting N-

raft microstructure was observed to reduce the fatigue life by a factor of five. However,
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CMSX-4 given a compressive pre-creep treatment resulting in a P-raft microstructure

and tested under CC isothermal conditions at 950 and 1050◦C resulted in a 100% in-

crease in the fatigue [89]. Interestingly, when CMSX-4 with a P-raft microstructure

was tested under OP TMF conditions, a 50% life reduction was reported [90].

2.6 Creep-Fatigue Behavior of Superalloys

Generally speaking, the service conditions that Ni-base superalloys experience can

be classified as neither as neither creep nor fatigue. As a result, cycles that include

strain or load holds at peak cycle temperature are often used. These cycles are termed

creep-fatigue (CF) cycles [68] and are for IP and OP TMF cases are shown in Figure

2.16. In absolute terms, neither tensile nor compressive dwells can be assigned a

higher severity over the other as the severity is alloy dependent [68]. Overall, the net

effect of dwell periods are the conversion of elastic strains into inelastic, while stress

relaxation concurrently occurs.

(a) (b)

Figure 2.16: Creep-fatigue waveforms for (a) Out-of-phase (b) and In-phase.

In the case of tensile strain holds, the stress relaxation is the result of the forma-

tion of cavities and voids internal to the material [86]. Further, compressive holds

generally promote the formation of larger oxidation spikes into the material, that

upon the tensile reversal the oxide spikes are cracked and result in an elevated crack

growth rate (Okazaki and Yamazaki, 1999). In addition, compressive holds lead to

the development of tensile mean stresses [86, 91]. For the hold times 20 minutes was
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determined sufficient to reach a saturated relaxation state, previously reported results

on other Ni-base superalloys have indicated that the beyond a threshold, hold periods

have no net influence on the stress relaxation and fatigue life [68].

For TMF CF cycles, neither tensile or compressive holds times can generally be

classified as life limiting on the life of the material [68]. Generally, when compared

to CC material life results, life reductions resulting from CF interactions can be

in the 50-90% range depending on the loading conditions considered. While under

CC conditions, aging of the γ′ microstructure is nonexistent, there have been many

documented cases of rafted microstructures observed in the failed material exposed

to CF conditions [7, 91,92].
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CHAPTER III

EXPERIMENTAL METHODS

3.1 Specimen Geometries

In this study, all specimens were machined from CM247LC-DS slabs similar to the

one shown in Figure 3.1. The slabs had approximate dimensions of 127x228x24 mm

and were given proprietary heat-treatments identical to service components. Two

types of specimen geometries were utilized: cylindrically smooth dogbone specimens

(Figure 3.2) for low cycle fatigue experiments and specimens with a tapered gage

section (Figure 3.3) to study the evolution kinetics of the γ′ precipitates as a function

of stress for a given temperature and time. All specimens were prepared by Cincinnati

Test Labs (Cincinnati, OH). In the case of the smooth dogbone specimens, all had

a gage length of 12.7 mm (0.55 in), gage diameter of 6.4 mm (0.25 in) and shank

diameter of 12.7 mm (0.5 in). The surface finish for these specimens was specified as

32 RMS. These design specifications follow that as laid out by the ASTM standard

E606-04 [93]. In the case of the tapered kinetics specimens, no testing standard exists.

As a result machining tolerances and surface finish similar to those prescribed for the

smooth bar specimens were adopted. The overall length of the specimens was 95.25

mm (4 in), with a 12.7 mm (0.5 in) shank length. The major and minor diameter of

the kinetics specimens was 12.8 mm (0.5 in) and 6.4 mm (0.25 in) respectively, with

the tapering occurring over a length of 41 mm (1.5 in).

For the smooth dogbone specimens given tensile pre-creep treatments and kinetics

specimens used in tensile creep, an extra 12.4 mm of material was included on each

end of the specimens. The additional material was used for machining of 1
2
in-13

UNC threads to allow for specimen installation in the tensile creep frame assemblies.
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Figure 3.1: Directionally solidified CM247LC-DS slab in the as-cast and heat
treated condition.

Figure 3.2: Geometry of standard smooth cylindrical dogbone specimen. Units are
in inches.

After the addition of the threaded creep adapters, the smooth dogbone and kinetics

specimens had length of 127 (5 in) and 120.6 mm (4.75 in) respectively.

3.2 Aging Experiments

3.2.1 Isotropic Coarsening

To provide the thermal exposure for isotropic coarsening of the microstructure, a

3-zone Lindberg 240 V (Model 59744-A) electric-resistance tube furnace was utilized

(Figure 3.4). While in the furnace the specimens were exposed to static laboratory
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Figure 3.3: Geometry of kinetics specimen used to obtain a variation in stress to
study microstructure evolution kinetics dependence on stress. Units are in inches.

Figure 3.4: Lindbergh tube furnace used for isotropic coarsening.

air for the duration of the exposure. Upon shutdown, the specimens were allowed

to air cool inside of the furnace. Afterwards, the oxidation scale that formed during

the thermal exposure was removed from the specimens gage section. This was done

through sanding the gauge section beginning 240 grit SiC paper and successively

decreasing the grit size to 2400 grit SiC sand paper. As a result, the diameter after

thermal exposure and polishing was 0.25 in.

3.2.2 Aging in Tension

Tensile pre-creep treatments were given to the group of specimens with the threaded

creep adapters. The specimens were screwed into the specimen adapters, which were

then attached to pull rods of 19.05 mm (0.75) diameter. The specimen adaptors
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Figure 3.5: Tensile creep set-up depicting the specimen/pull rod linkages.

and pull rods were manufactured from either Mar-M246 or IN713. For providing the

tensile pre-creep treatment, SATEC tensile creep frames (Model 1156) were used.

The frames were outfitted with three zone ATS clamshell furnaces that utilized super

kanthal heating elements and were collectively controlled by a Omega temperature

controller (Model: CN5001K2).

The temperature distribution across the length of the specimen was determined

through K-type thermocouples spot welded on each of the specimen shoulders as

shown in Figure 3.5. Through adjusting the specimens position within the furnace,

the temperature gradient across the specimen was maintained within +/-1% of the

desired temperature in compliance with ASTM standard E139-11 [94]. Heat within

the furnace was allowed to stabilize for two hours prior to the application of the

load. Once the pre-creep treatment was completed, the specimens were allowed to

air cool to room temperature. Removal of the accumulated oxide layer was done in
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the manner described earlier.

3.2.3 Aging in Compression

Compressive pre-creep treatments were given to a group of standard fatigue spec-

imens using the custom built compressive creep frame shown in Figure 3.6. The

design details of the compressive creep frame as provided in Appendix A. To install

the specimens within the compressive creep frame, the specimens were placed within

the specimen centering pocket on the lower specimen support cylinder with the up-

per specimen support cylinder then being placed atop the specimen resulting in the

configuration shown in Figure 3.7. To provide rigidity to the specimen assembly dur-

ing heating, the hydraulic cylinder assembly was extended until contact was made

between the specimen assembly and hydraulic cylinder assembly. To prevent the

build-up of stress in the hydraulic system during heating of the specimen assembly

from constrained thermal expansion, the hydraulic valve on the pump was left open.

This allowed free thermal expansion to occur. As a note, in the current design im-

plementation, the maximum testing temperature is 950◦C. Above 950◦C, oxidation

of the 316 stainless steel support cylinders is too great.
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Figure 3.6: Overview of the compression creep frame.
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Figure 3.7: Compressive creep schematic depicting the specimen specimen
assembly.

The temperature distribution across the length of the specimen was determined

through K-type thermocouples spot welded on each of the specimen shoulders as

shown in Figure 3.5. The temperature gradient across the specimen was monitored

to ensure a +/-1% variation was maintained. As no ASTM standard for compressive

creep of metals at high temperature exists, applicable best practices were borrowed

from ASTM standard E139-11 for high temperature tensile creep [94]. Once at tem-

perature, the furnace was allowed to stabilize for two hours prior to the application of
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the compressive load. Once the compressive pre-creep treatment was completed, the

specimens were allowed to air cool to room temperature. Removal of the accumulated

oxide layer was done in the manner described earlier.

3.3 Low Cycle Fatigue

3.3.1 Servohydraulic Test System

For all LCF experiments, either a 44.5 kN (10 kip) MTS axial servohydraulic testing

machine with load cell resolution of +/-0.5kN (+/-100 lbf) or 100kN (22 kip) MTS

axial torsional servohydraulic testing machine with a load cell resolution of +/-1.25 kN

(+/-250 lbf) was utilized for all testing. The load frames were equipped with water-

cooled MTS model 646 collet grips to grip the cylindrically smooth dogbone specimens

and provide conductive cooling for TMF testing. FlexTest40 digital controllers in

conjunction with MTS TestSuite Multipurpose Elite Software were used to control

the servohydraulic machines. An analog temperature command signal was output

by the digital controller to a Watlow 945A-2FK5-A000 PID temperature controller

on the 44.5 kN machine. Later a Eurotherm model 3204 temperature controller

replaced the Watlow temperature controller. An identical Eurotherm temperature

controller was used on the 100 kN machine. In either case, the input analog signal to

the temperature controller served as a remote set point necessary to determine the

error signal for PID control. Ameritherm 2kW induction heaters were used on both

systems, which induced the desired temperatures in each specimen. Temperature

feedback was provided by a K-type thermocouple. The nominal hydraulic pressure

applied to grip the specimens was 29 MPa (4200 psi).

Axial displacement within the gage section were measured using a high tempera-

ture extensometer (MTS model 632.52E-14), with the nominal gage length between

extensometer tips being 12.7 mm (0.5 in) as shown in Figure 3.8. Alumina rods with

v-chisel points extended from the extensometer, passed between induction coil turns
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and pressed against the gage section of the specimen. The 5.0 mm diameter alumina

rods had v-wedge ends, which were held against the specimen by a spring mechanism

mounted in the support brackets.

Figure 3.8: Servohydraulic setup depicting the temperature (T) measurement,
controlled force (F) and the measured displacement (δ).

Each specimen had a single thermocouple (TC) spot welded onto the gage section

slightly outside of the extensometer rod seating position as shown in Figure 3.9. This

TC placement was chosen as to minimize the possibility of introducing flaws into the

gage section at which the fatigue crack would nucleate. The induction coils were made

from copper tubing having 4.7 mm ( 3
16

in) outer diameter. For the induction coil,

seven turns were utilized in the coil including a middle turn between the extensometer

rods. The middle turn had a inner diameter of 28 mm while the other turns had inner

diameters of 23 mm.
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Figure 3.9: Depiction of TC spot weld location in relation to the extensometer
seating location on the gauge section of round dogbone specimen.

3.3.2 Thermal Expansion Compensation in TMF

In the case of the cylindrical smooth dogbone specimens, the deformation can be

assumed to uniform throughout the specimen’s gage section and the extensometer

displacement measurement at the specimen surface is a measure of the total strain

occurring in the specimen,

ε = εθ + εmech (3.1)

where εΘ is the thermal strain, and εmech is the mechanical strain. To properly

determine the mechanical strain during a TMF experiments, the strain associated

with the thermal expansion must be determined a priori. Experimentally, thermal

strain can be calculated as either a function of temperature or time. Defining the

thermal strain or thermal displacement as a function of temperature corresponds to

temperature-based thermal strain compensation as described in ASTM E2368-10 [95].

3.3.2.1 Temperature-Based Compensation

For temperature-based compensation, the secant method is traditionally utilized as-

suming a linear relationship between thermal expansion and temperature,

εθ = α (T − To) (3.2)
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where α is the coefficient of thermal expansion and To is taken as the reference tem-

perature for zero thermal strain. In the case of Ni-base superalloys, particularly with

a large temperature range, a nonlinear function is often required to account for the

nonlinearity of the material’s thermal expansion. The relationship can be made non-

linear by either introducing a nonlinear temperature dependent thermal expansion

coefficient,

εθ = α (T ) (T − To) (3.3)

or through the introduction of higher order polynomial terms,

εθ =
i=0∑
n

αiT
i (3.4)

Within the MTS Multipurpose Elite software the temperature dependent com-

pensation can be implemented through the fitting of a polynomial to free expansion

data. In prescribing free expansion, a null force and cycle temperature at a mean

value and amplitude, and a cycle time identical to the TMF experiment. For captur-

ing the nonlinearity of the thermal expansion, typically a second order polynomial is

sufficient as shown in Figure 3.10.
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Figure 3.10: Measured strain under free expansion shown with temperature-based
thermal strain fit.

The deterrent of the temperature dependent method is that the cyclic hysteresis

of the thermal expansion loop is not adequately captured and the net polynomial

fit results in the approximation of the average thermal strain at a given temperature

(Figure 3.10). This cyclic hysteresis is dependent on the combined effects of differences

in the heating and cooling of the material and temporal lags in the electronic signals

being processed by the temperature controller and the servohydraulic controller. To

provide allowance for this, the ASTM E2368-10 provides limits on the error between

measured and calculated thermal expansion to a maximum hysteresis width to within

5% of the expansion range [95].

3.3.2.2 Time-Based Compensation

The alternative to the temperature-based compensation method is that of time-based

thermal expansion compensation; this method allows for the accounting of the cyclic

hysteresis and non linearity in the cooling or heating cycle. In the case of TMF

experiments, the applied temperature can be considered a constant periodic function

in the time domain, regardless if the experiment is IP, OP, or either IP/OP with
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a dwell. Acknowledging this periodicity, a Fourier series can be readily applied to

represent the time based thermal strain function. In the finite form, the Fourier

series can be represented by

εθ (t) =
1

2
ao +

N∑
n=1

(ancos(nt) + bnsin(nt)) (3.5)

where the Fourier coefficients an and bn are numerically determined from the exper-

imental thermal strain data. In the case of constant thermal cycling 10-20 Fourier

coefficients are sufficient to capture the cyclic hysteresis as shown in Figure 3.11.

Figure 3.11: Measured strain under free expansion shown with time based thermal
strain fit.

Although a powerful method for the fitting of the thermal strain history, the time

based Fourier Series approach does have limitations. Direct extension of the method-

ology to TMF cycles that includes strain dwell periods requires accounting of the

Gibbs Phenomena. The Gibbs Phenomena is where the periodic function overshoots

the true function at jump discontinuities [96], which in the case of continuous thermal

cycling with a dwell, a natural overshoot in the fit of the thermal strain will occur

and the beginning and ending of the dwell period.
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To compensate for the Gibbs Phenomena in the thermal strain fit, the tempera-

ture control signal is programed to overshoot the dwell temperature by 5-10◦C and

then drop back to the dwell temperature within a second. To account for the Gibbs

phenomena prior to cool down, the temperature control signal is directed to increase

the temperature by 5-10◦C during the final few seconds of the dwell. The net effects

of including these small temperature overshoots is that they mimic the Gibbs phe-

nomena, but in a controllable and predictable manner, such that the thermal strain

calculations are repeatable (Figure 3.12).

Figure 3.12: Time based thermal strain compensation accounting for the Gibbs
phenomena a) Thermal strain vs. time b) Temperature vs. time.
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3.3.3 Fatigue Testing Methodology

All TMF tests were performed while adhering to ASTM E2368-10 and ASTM E606-

12 in the case of isothermal experiments. Dictated by the ASTM standard E2368-10

is the following testing requirements related to the experiment temperature, with the

first requirement being common with E606-12:

1) The maximum allowed temperature differential over the length of the gage sec-

tion at any time during cycling shall not be greater than +\−1% of Tmax in ◦K

or +\−3◦K, whichever is greatest.

2) During free expansion cycling, the thermal hysteresis shall be no more than 5%

of the total thermal strain range.

3) Under mechanical strain control, the response may not deviate from the control

signal by more than 2% of the range.

4) The phase shift shall not deviate by more than 5◦ of the desired value for all

time.

Fulfillment of the first criterion is dependent on the design and quality the in-

duction coil. A newly fabricated induction coil must be first thoroughly tested for

temperature differentials prior to any TMF testing. For the coils used over the course

of this research, validation of coil’s ability to produce a uniform temperature distri-

bution was determined by welding ten thermocouples to a smooth dogbone specimen

and recording temperature at every 50◦C between 100-1050◦C. Of the ten thermocou-

ples, six measured the temperature differential in the axial direction and four radially

at the center of the gage section. In cases where temperature distributions outside of

the standard were found, the spacing of the coils or shape would be altered until the

temperature distribution was within the allowable tolerance.
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In cases where temperature-dependent thermal strain compensation was used,

the temperature control parameters (PID values) were varied during cycling until the

hysteresis width was minimized so as to satisfy the second criteria. Instances where

the time-based Fourier series thermal expansion compensation was utilized to capture

steady-state thermal expansion behavior this criteria was automatically satisfied.

To satisfy the criterion on phase shift the time lag between temperature command

and thermocouple feedback was quantified and incorporated so that phasing in the

control program offset the time lag associated with temperature control error. Prior

to the start of each TMF test, a few elastic TMF cycles were performed in mechanical

strain control to ensure that phasing compensation adhered to the standards, and if

not, the phase lag was modified until the ASTM E2368-10 was satisfied. For all tests

the necessary phase lag needed to adhere to ASTM E2368-10 varied between -20 and

-24◦ depending on the load frame being used.

3.3.4 Life Criteria

In fatigue testing, different thoughts exist through which the life of the material under

given experimental conditions is determined. Generally speaking, complete fracture

of a specimen is not necessarily the life of the material, as design specifications often

consider the material to have failed prior to full fracture so as to avoid catastrophic

failures that can lead to loss of life or significant capital loss. For all strain-controlled

experiment conducted, a 5% load drop criteria from the stabilized hysteresis was used

to determine the experiential life,

Pi(Ni) = 0.95 ∗ Po (3.6)

where Po is the stabilized peak tensile load.
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3.4 Metallography Preparation

To prepare all specimens for microstructural analysis, a Buehler low speed Isomet

saw was used for sectioning the specimens. Once sectioned, the specimens were cold

mounted in epoxy to provide a workable geometry for the grinding and polishing pro-

cess. To give the specimens an acceptable surface for etching a five step grinding and

polishing process was used as detailed in Table 3.1. To reveal the γ−γ′ microstructure

either Kallings Etchent II or a γ′ etcher were used as given in Table 3.2. The Kallings

II etchent is a general etchant that chemically attacks both the γ and γ′ phases and

relies on phase contrast between the phases to distinguish them. The etchant that

specifically attacks the γ′ is valuable in that localized plastic deformation in the form

of slip bands is readily revealed within the microstructure. Unless specifically noted

in the micrograph, Kallings II was used.

Table 3.1: Grinding and polishing procedure used for preparing CM247LC-DS
specimens for microscopy [97]

Surface Abrasive/Size Load [N] Platen Speed [rpm] Time [min]
Si-carbide P240 grit 27 240-300 Until Plane

Ultra-Pol Silk Cloth 9µ Diamond 27 100-150 5
Trident cloth 3µ Diamond 27 100-150 4
Trident cloth 1µ Diamond 27 100-150 3

Microcloth pad 0.05 Alumina µ diamond 27 80-150 2

Table 3.2: Ni-base superalloy etchants [97].

Etchant Name Etchant Constituents Notes

γ′ Etchant
50ml HCL Good grain boundary etch. Attacks γ′ in Ni-base

alloys. Sample immersion for 10-15 seconds.50ml H2O2

Kallings II
HCL

General etchant. Attacks γ′ in Ni-base alloys. Sample
immersion for 30-45 seconds.

H2O
CuCl
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CHAPTER IV

CHARACTERIZATION OF AGED MICROSTRUCTURES

The microstructure states that occur in a GTE service components as a result of

thermomechanical exposure can be considered anything but ideal; these microstruc-

tures arise as a result of coupled thermal and stress histories that vary spatially due

to the intricate cooling passages and hot gas flows. To provide a link between the

microstructure states encountered in service components at the end of its service life

and those microstructure generated under controlled laboratory conditions, an airfoil

removed from service after 32,000 hours of service was serial sectioned and examined.

From this information, parameters for the aging of specimens to be tested under

TMF were determined. Further, the results of artificial aging experiments conducted

under controlled laboratory conditions will be discussed and their use in calibrating

an analytical aging model that relates to how the γ′ phase evolves. Lastly, the ex-

perimentally determined effects of aging on the elastic modulus, yield strength, and

room temperature fatigue behavior of CM247LC-DS will be discussed.

4.1 As-Heat Treated Microstructure Quantification

The microstructure in the as-heat-treated form is coarse with columnar grains of

an average diameter of 2 mm. The primary dendrite spacing is 0.5 to 1 mm, with

the secondary dendrite arm spacing being 0.25 mm. Representative micrographs of

the dendritic structure within from the perspective of the longitudinal orientation

(direction of solidification) are shown in Figure 4.1a. Through the anisotropy of light

diffraction, grains of different secondary orientations can be readily observed through

the differences in contrast as shown in Figure 4.1b.
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Figure 4.1: (a) Dendritic grain structure of CM247LC-DS in the longitudinal
orientation (b) Magnified view of the dendritic grain structure.

In the standard heat-treated form, CM247LC-DS is a multi-phase material with

a dendritic structure. Within the dendritic core consists of a austenitic FCC-like γ

matrix, into which is dispersed a bimodal distribution of γ′ precipitates throughout

the matrix. Both the primary and secondary γ′ found within the dendritic regions of

the material take on a cuboidal geometry. The primary γ′ is shown in Figure 4.2. The

secondary γ′ are located in the γ channels between the primary γ′ precipitates. In

the fully heat-treated state, the average primary γ′ cube length (wo) was determined

to be 0.75 µm. Through scanning electron microscopy (SEM), the secondary γ′ were

not observed in the microstructure. Their lack of presence could be a consequence

of the etching process. In previous studies on CM247LC-DS with the same heat-

treatment as in this work, secondary γ′ were reported to have a cube length of 70

nm on average [98]. Lastly, the average γ channel width (ho) was measured to be

0.18µm.
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Figure 4.2: Initial cuboidal γ′ microstructure within the dendritic core.

For the proprietary heat-treatment given to the alloy, γ-γ′ lattice misfit in CM247LC-

DS is negative over the entire temperature range of interest. The misfit defined by

Equation 2.2 was determined through JMatPro and is shown in Figure 4.3 [99]. The

implications are such that under pure tensile loading N-Rafts will be formed and

under pure compressive loads P-Rafts.
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Figure 4.3: γ-γ′ lattice misfit for CM247LC-DS in the as-heat-treated state
calculated by JMatPro [99].

Within the interdendritic regions is found eutectic nodules of γ-γ′ that can vary

in size from about 20 µm up to 180 µm (Figure 4.4), as well as various carbide

types intermixed with the eutectic nodules or along the grain boundaries (Figure

4.5). The presence of the eutectic γ′ in the heat-treated structure indicates that the

interdendritic γ′ did not fully enter into solution during the solution treatment phase

of the heat-treatment [15]. This can be attributed to the compositional differences

that exists between the dendritic core and the interdendritic regions [14,15,21].
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Figure 4.4: Eutectic nodule between dendrite arms within the as-heat-treated
microstructure.

The carbides observed in the interdendritic regions and along the grain boundaries

range in type and size with MC and M23C6 being the most abundant carbides. The

MC-type have an irregular block-like or script morphology (Figure 4.5a) and appear

along the grain boundaries. While the M23C6 carbides appear as small cubes mea-

suring a few microns up through elongated plates of over 100 µm as shown in Figure

4.5b. The M23C6 type carbides can be identified through the γ′ islands surrounding

them. This is a result of the dissociation/precipitation reaction that occurs to gen-

erate the M23C6 carbides [15, 27]. Further, surrounding the MC carbides within the

grain boundaries are regions denuded of γ′.

53



(a) (b)

Figure 4.5: Examples of (a) MC grain boundary carbide (b) M23C6 eutectic
carbides in the as-heat-treated microstructure.

4.2 Service Component Microstructure

Microstructural analysis was conducted on a airfoil removed from the second stage of

a Siemens Energy SGT500 IGT (Figure 4.6) after 32,000 hours (3.5 years) of operation

and experiencing 350 engine start/shutdown cycles. To make the airfoil manageable

for metallographic analysis, the airfoil was cut into eight 25 mm thick horizontal

slices via wire-EDM starting from the blade cap, subsequently each horizontal piece

was sliced into four pieces. Rather than providing an exhaustive presentation of the

microstructures within the airfoil, a summary of the collective observations from the

airfoil microstructural analysis is presented.
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Figure 4.6: Second stage airfoil from a Siemens Energy SGT500 IGT removed
from service after 32,000 hrs.

For this study, a sample from an airfoil in the as-heat-treated conditions was

unavailable. Therefore, the initial microstructure of the airfoil is assumed to be iden-

tical to that observed in the fatigue specimens in the as-heat-treated state for the

purposes of comparison. At all locations investigated within the root and platform

of the airfoil, no microstructure states directly correlating to the as-heat-treated mi-

crostructure were observed. Further, microstructures that could be classified strictly

as directionally-coarsened or isotropically-coarsened were not observed. Rather, the

micorstructures were observed to be in the late stages γ′ coalescence. In spatial re-

lation to the blade, the isotropically coarsened and N-raft like microstructures were

observed to be in regions near cooling passages on the internal walls, while P-raft like
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microstructures were found throughout the blade platform and the material near the

surface of the blade root. This is depicted in the blade cut-away shown in Figure 4.7.

Commonly reported in the analysis of failed aero turbine blades is the presence of

TCP phases as a result of excess thermal exposure [100]; in the case of the IGT airfoil

investigated none were observed. This can be attributed to the fact that IGTE com-

ponents are designed such that the maximum material temperature does not exceed

1000◦C [101].

Figure 4.7: Airfoil cut-away indicating the locations where the specific aged
microstructures were found upon metallographic analysis.

Within the material surrounding the cooling passages, the distinguishment be-

tween a isotropically coarsened like state and a N-raft like state were made based on

56



the aspect ratio of the γ′ precipitates. Examples of the microstructures are shown

in Figures 4.8 and 4.9. In both cases, the microstructures are in the late stages of

coarsening, with the average γ′ width being 1.8µm or four times the as-heat-treated

γ′ size. Further, in these microstructures is observed tertiary γ′ have precipitated as

a result of thermal exposure, solute homogenization conditions, or through the break-

down of morphologically unstable primary γ′ due to the loss of coherency [14, 102].

In the case of the tertiary γ′, the average cube length was measured to be 0.2 µm.

This is roughly half of the width of the primary γ′ in the as-heat-treated state.

Figure 4.8: Isotropically coarsened microstructure state within the service
component.
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Figure 4.9: N-raft like microstructure state within the service component. The
distinguishing feature from stress-free coarsened being the γ′ aspect ratio.

In all cases, the observed P-raft microstructures were also found to be in a late

state of coarsening as shown in Figure 4.10. The average P-raft width was determined

to be 2µm while the length ranged from 3-8µm. Through a lateral translation of ≈250

µm from the location in Figure 4.10 towards the exterior surface of the blade a γ′

depletion zone just below the thermal barrier coating was observed as shown in Figure

4.11.
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Figure 4.10: P-raft like microstructure state within the service component. The
lighter color is the γ matrix.
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Figure 4.11: γ′ depletion zone occurring just below the interface of the Ni-base
superalloy with the thermal barrier coating.

4.3 Statistical Representation of Microstructure

Traditional methods for determining the microstructural attributes such as the linear

intercept method for grain size provide only a magnitude measure of the microstruc-

ture [103, 104]. Advanced methods such as two-point correlation statistics have the

ability to provide a magnitude measure in addition to the associated spatial correla-

tion [104]. Physically, two-point correlation functions arise form the integration of a

microstructure function m(x, h) at a point defined by x. Specifically, m(x, h) defines

the volume density of the local state h located at x. Mathematically, the correlation

functions are represented by [104],

f2 (h, h′|r) =
1

V ol (Ω|r)

∫∫∫
M (x, h)M (x+ r, h′dx) dx (4.1)
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where Ω is the microstructural volume of interest, r is a vector in the neighborhood

of x, and h’ is a local microstructure state neighboring h.

To apply the theory of two-point correlation functions in a computational frame-

work, Equation 4.1 is discretized and transformed into the Fourier domain to separate

the frequency of the microstructure phases resulting in [105],

npFk = F (npft) =
1

S
nM∗

k
pMk =

1

S
|nMk| |pMk| e−i

nΘkei
pΘk (4.2)

where |nMk| and nΘk are the amplitude and phase of the Fourier transform, and

S is the area of the microstructure grid. From Equation 4.2, two relations can be

defined, the cross-correlation function and the auto-correlation function, where the

autocorrelation function is defined by f(h, h|r) and the cross-correlation by f(h, h′ 6=

h|r) [104]. The cross-correlation function gives the probability that a random vector

of length x can be found to start and end within the same phase. While the auto-

correlation function provide the probability that a vector of length x will start in one

phase and end in the other. In the case of a two-phase microstructure, the cross-

correlation function and auto-correlation function are direct inverses of one another

[106].

The key microstructure attributes observed within the γ − γ′ microstructure can

be represented by an ideal unit cell as shown in Figure 4.12, where wi is the width

of the γ′ precipitate, hi the width of the γ channel, and i represents one of the three

primary crystallographic directions, [001], [010], or [100].
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Figure 4.12: Representative γ − γ′ unit cell depicting the initial configuration with
the neighboring γ′ cubes.

Applying two-point correlation statistics to microstructure states within the den-

dritic regions of an Ni-base superalloy, the γ channel width and γ−γ′ periodicity can

be determined. While, two-point correlation statistics can also be applied to the in-

terdendritic regions of the microstructure, the pure randomness of the interdendritic

regions does not provide any meaningful measure through which microstructure evo-

lution can be measured. Specifically, the probabilistic distribution obtained from the

cross-correlation function (Figure 4.13a) along the primary crystallographic orienta-

tions, e.g. [001] results in a decaying sinusoidal curve similar to that shown in Figure

4.13b for the as-heat-treated microstructure. Because of the cuboidal symmetry in

the as-heat-treated state, the probabilistic distribution in the [100] crystallographic

direction exhibits a similar decaying sinusoidal wave. The first maxima of the prob-

abilistic curve corresponds to half of the width of a γ′ precipitate, 1
2
wi in the noted
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crystallographic direction, while the first minima is the sum of half of a γ′ width and

a the width of the γ channel, or 1
2
wi + hi. The secondary and tertiary maxima and

minima (if they exist) provide the next highest frequency in integer multiples of 1
2
wi

and hi.

(a)

(b) (c)

Figure 4.13: Cross-correlation for the γ′ phase in the as-heat-treated
microstructure given in (a) and (c) along the [001] and [100] crystallographic

directions.

In the case of directionally-coarsened microstructures, the probabilistic distribu-

tion curves in the crystallographic direction in which the γ′ precipitates elongate

exhibits a heavily dampened response which typically results in a single maxima for

that crystallographic direction. This is shown in Figures 4.14 and 4.15 for the N-raft

and P-raft cases.
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(a)

(b) (c)

Figure 4.14: Cross-correlation for the γ′ phase with an N-raft precipitate
morphology as given in (a) and (c) along the [001] and [100] crystallographic

directions.
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(a)

(b) (c)

Figure 4.15: Cross-correlation for the γ′ phase with an P-raft precipitate
morphology as given in (a) and (c) along the [001] and [100] crystallographic

directions.

4.4 Microstructure Evolution Analysis

To understand the effect of thermomechanical exposure on the as-heat-treated mi-

crostructure evolution, aging experiments were conducted utilizing specimen geome-

tries and methods as discussed previously in Chapter 3. Presented first will be an

analytical model that captures the combined effects of rafting and coarsening on the

aging kinetics. Later this model will be placed within the CVP model framework.

Following, the observations and quantifiable attributes of the aged microstructures

and the subsequent parameters for the microstructure-aging model will be provided.
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To model the kinetics of aging in a γ − γ′ microstructure, both isotropic coarsen-

ing and directional coarsening are assumed to occur simultaneously. Capturing both

isotropic coarsening and rafting is important, since experimental results indicate that

isotropic coarsening can account for up to 20% of the coarsening rate [107]. Under

isotropic coarsening conditions, experimental studies have shown the γ′ precipitates

coarsen according to Ostwald ripening [32,36,49]. While few long term experimental

studies on coarsening in Ni-base superalloys exist, those that have been conducted

report that cubic rate laws better match the experimental results for isotropic coars-

ening of cuboidal γ′ [32,36]. For a cubic γ′ precipitate, the cubic rate law for isotropic

coarsening can be formulated as [32],

(wi
2

)3

−
(wo

2

)3

= Kt (4.3)

or in rate form [49],

ẇcoari =
8K

3

(
w3
o + 8Kt

)− 2
3 (4.4)

where ẇcoari is the isotropic rate of coarsening, wo is the initial length of the γ′ cube,

t is time, and K is the rate constant for coarsening,

K = Koexp

(
−Qcoar

RT

)
(4.5)

where Ko is the coarsening constant, Qcoar the activation energy for coarsening, R

the ideal gas constant, and T the temperature. Further, during isotropic coarsening a

proportional growth relationship within the unit cell can be assumed maintained [107],

ẇi

λ̇i
=
wo
λo

(4.6)

where λ is the periodicity of the γ − γ′ microstructure defined as λi = wi + hi.
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To capture the kinetics of directional coarsening, an Arrhenius type relation, where

the rate of rafting of the γ′ precipitates under a multiaxial load is given by [48,49],

ẇrafti (T,σ) = −
(

3Awi
2wo

)(
σdevi

σVM + δ

)
exp

(
− Qraft − σVMU(T )

RT

)
(4.7)

where σVM is the von Mises stress, σdevi the diagonal components of the deviatoric

stress tensor, Qraft the activation energy required for rafting, and U(T) the activation

volume at a temperature T is used. The activation volume is given by,

U(T ) = UT (T − To)n (4.8)

where, To is the cutoff temperature below which rafting does not occur, and n and UT

are model parameters. Overall the rate of aging is given by the sum of the individual

kinetics,

ẇi = ẇcoari + ẇrafti (4.9)

A ramification of this simple model is that the length of the γ′ in the direction of

coalescence is not accurately accounted for due to that the model does not consider

interactions amongst neighboring unit cell. However, the reduction in the width of

the γ channel is captured through the model.

To provide the necessary information for determining the material parameters in

Equations 4.3-4.5, isotropic coarsening was conducted at 850, 900, 950, and 100◦C

with exposure times ranging between 96 and 672 hrs. The resultant isotropically

coarsened microstructure states for the shortest and longest exposure times for each

exposure temperatures are shown in Figures 4.16. Isothermal exposure at 900-1000◦C

resulted in measurable microstructural changes, while the γ′ were unchanged after

670 hrs of exposure at 850◦C. If significantly longer exposure times (≈ 30,000 hrs)

were used, the expectation is that measurable isotropic coarsening would have been
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observed as in long term coarsening studies at 850◦C [32,36]. For the shortest exposure

time at 1000◦C, a 13% increase in the size of the γ′ cubes was measured. And the

longest exposure time at 1000◦C yielded a 25% increase.

(a) (b)

(c) (d)
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(e) (f)

(g) (h)

Figure 4.16: Resultant microstructures after isothermal exposure at (a) 850◦C for
96hrs (b) 850◦C for 672hrs (c) 900◦C for 96hrs (d) 900◦C for 672hrs (e) 950◦C 96hrs

(f) 950◦C for 672 hrs (g) 1000◦C for 96hrs and (h) 1000◦C for 672hrs.

Shown in Figure 4.17 is the growth of the γ′ for isothermal exposure times used in

this study. The activation energy, Qcoar, for isotropic coarsening was calculated to be

105 kJ
kmol

. This value being in-line with long-term coarsening of Rene 80, but 2x less

than that determined for CMSX-4 for short term coarsening (<250 hrs) [36,108]. Also,

this value is close to that for the activation energy for the self diffusion of aluminum in

nickel [16]. In general, large variations in the activation energy for isotropic coarsening

have been reported in the literature even when the studies consider the same alloy

in the same heat-treated state [36]. Additionally, the coarsening constant, Ko, was
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determined to be 1.1x10−3 µm3

hr
through a linear regression analysis. Summarized in

Table 4.1 are the constants for predicting isotropic coarsening using Equations 4.3-4.6.

Figure 4.17: Temperature dependence of the coarsening rate k.

Table 4.1: Material constants for analytical isotropic coarsening model.

Parameter CM247LC-DS Units

Qcoarsen 110 kJ
K

Lo 0.75 µm

Ko 1.1x10−3 µm3

hr

In determining the size of the γ′, the potential for error in the measurements can

be great, this being attributable to the fact that the γ′ precipitates can coalesce during

isotropic coarsening to form L- and U-shaped particles. As a result when examining a

2D surface a single precipitate can appear as one large irregularly shaped precipitate

or as multiple particles [36]. In addition, there is also an uncertainty if a micrograph

is truly within the desired crystallographic plane.

Directional coarsening experiments were conducted under tensile creep conditions

at temperatures of 850◦C, 900◦C, and 950◦C and compressive creep at 900◦C and

950◦C. The specific loadings conditions are listed in Table 4.2 and representative aged
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microstructures at each temperature are shown in Figures 4.18 and 4.19. Multiple

exposure times and loads were used to better capture the rafting kinetics of the

microstructure at different points in time under identical stresses.

At 850◦C and exposure to a 360 MPa tensile stress for 250 hours the extreme

early stages of rafting were observed in the form of a small number of γ′ coalescing

and a 10% increase in the γ channel. However, at 240 MPa no measurable changes

in the width of the γ channel could be made. At 900◦C low tensile stresses resulted

in a partially rafted state, while fully rafted structures were obtained at the peak

stresses within the specimens. At 950◦C, all applied tensile loads were found to result

in a N-raft structures. With the application of compressive creep stresses, the rate

at which the rate of γ channel widening is found to be reduced in comparison to

those formed under tensile creep conditions for the same stress as shown in Figure

4.20. This reduction can be attributed to the fact that movement of dislocations

through the vertical γ channels occurs at a reduced rate compared to the horizontal

γ channels [109, 110]. Through fitting the data to Equations 4.7-4.8, the activation

energy necessary for rafting, Qraft, was determined to be 225 kJ
molK

through linear

regression analysis. In Table 4.3 are provided the material parameters for Equations

4.7-4.8.

Table 4.2: Tensile and compressive creep exposure conditions.

Temperature [◦C] Exposure Conditions

850
170 hours at 11 kN

250 hours at 11.6 kN*

900
300 hours at 8 kN

350 hours at 9.78 kN*
630 hours at -9.78 kN

950

300 hours at 4.71 kN
504 hours at 5.6 kN*
410 hours at -5.6 kN
630 hours at -5.6 kN

*Rupture
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(a) (b)

(c) (d)

(e) (f)

Figure 4.18: Resultant N-raft microstructure from exposure to (a) 850◦C and 240
MPa for 250 hrs (b) 850◦C and 258 MPa for 250 hrs (c) 900◦C and 504 MPa for 300
hrs (d) 900◦C and 250 MPa for 300 hrs (e) 950◦C and 96 MPa for 504 hrs (f) 950◦C

176 MPa for 504 hrs.
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(a) (b)

(c) (d)

Figure 4.19: Resultant P-raft microstructure from exposure to (a) 900◦C and -120
MPa for 630 hrs (b) 900◦C and -240 MPa for 630 hrs (c) 950◦C and -117 MPa for

410 hrs (d) 950◦C -176 MPa for 410 hrs.
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Figure 4.20: Rate of γ channel widening under uniaxial conditions as a function of
stress and temperature.

Table 4.3: Material constants for rafting model.

Parameter CM247LC-DS Units
A 1.2x10−5 m

s

Qraft 290 kJ
K

ho 0.18 µm
Lo 0.75 µm
UT 0.14 J

molMPaKn

To 1023 ◦K
n 1.24 -

In this implementation of the model, isotopic coarsening data was used in the

specific determination of the isotopic coarsening material parameters whereas in pre-

vious works only directional coarsening data was used for the determination of both

the isotropic coarsening parameters and the directional coarsening aging parameters.
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4.5 Quantification of the Mechanical Properties of Aged
Microstructure

For the purposes of mechanical testing, a single set of conditions for each of the three

unique microstructures was chosen and are described within this section. To induce

an over aged precipitate state, virgin material in the standard heat-treated state was

exposed to 1000◦C for 720 hours in a laboratory air environment as discussed in

Section 3.2.1. Shown in Figure 4.21a is the resultant microstructure in comparison to

the virgin state. As a result of the thermal exposure the γ′ cubes increased in size to

a cube length of 0.85 µm on average from the initial average cube length of 0.75 µm.

Additionally, the γ channels were observed to be devoid of secondary γ′. This can

be attributed to the Ostwald ripening process through which the larger precipitates

coarsen at the expense of the smaller ones [15,16].

For the tensile pre-creep treatment, a stress of 150 MPa was applied for a period

of 300 hours at 950◦C via tensile creep as described in Section 3.2.2. As a result

of this tensile pre-creep exposure, the material realized an inelastic creep strain of

εCreep = 0.37% based on available creep data for the alloy [101]. Shown in Figure

4.21c is the N-rafted microstructure in comparison to the initial virgin state. The

tensile pre-creep resulted in a fully N-rafted structure, where the average width of

the γ channels perpendicular to the applied load was increased from 0.18 µm to

0.3µm.

Utilizing the in-house compression frame and protocols discussed in Section 3.2.3,

was conducted the aging of the material under compressive pre-creep conditions.

To produce the P-raft microstructure, a pre-creep treatment of -130 MPa at 950◦C

over the course of 300 hours was given. The different stress used from that of the

tensile pre-creep treatment was to avoid inducing too great of creep damage into the

microstructure. CM247LC-DS exhibits a tension/compression creep asymmetry. As

a result of the pre-creep exposure, the γ channels parallel to the applied load increased
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to a width of 0.25 µm as depicted in Figure 4.21d.

Figure 4.21: Comparison of the (a) Virgin microstructure to that of the resulting
(b) Isotropically coarsened (c) N-raft and (d) P-raft microstructures.

In addition to coarsening and rafting, aging also alters the initial dislocation and

internal stress state. In the virgin state, the matrix is nearly dislocation free, however

large compressive stresses exist in the γ channels that are of the same magnitude of

those applied in the course of creep or cyclic fatigue loadings as depicted in Figure

4.22a [50, 63, 92, 111, 112]. Through stress-free thermal exposure (annealing), the

coherency stresses between the γ − γ′ relax in a near uniform manner through the

generation of edge dislocations. These edge dislocations deposit themselves on all the

γ−γ′ interfaces as shown in Figure 4.22b so as fully relieve the misfit stresses [32,92].

In contrast to the annealed case, the application of a tensile pre-creep generates

preferential dislocation networks along the γ − γ′ interfaces perpendicular to the

applied load, while leaving the vertical γ channels under a compressive coherency

stress (Figure 4.22c); on the other hand compressive pre-creep causes stress relieving
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dislocation networks to form along the cube faces parallel to the applied load as shown

in Figure 4.22d [44,51,63,111].

Figure 4.22: Dislocation state in a negative misfit alloy, the (a) Virgin state (b)
Stress-free coarsened (c) Tensile pre-creep (d) Compressive pre-creep adapted

from [111]

As a note, in selecting the aging parameters, the intent was not to provide a direct

comparison between the aged microstructures, but rather a comparison back to the

behavior of the virgin microstructure behavior under TMF conditions representative

of those within a service component that would bring about the representative aged

microstructure. As a result the aging parameters used were chosen to bring about

the greatest possible degree of microstructural change that are similar to those found

in a service component removed from service after 30,000 hrs without imparting to

great of damage into the material that would otherwise skew the results.

4.5.1 Elastic and Yield Behavior in the Aged States

Aging of the γ′ had a minimal effect on the temperature-dependent response of the

elastic modulus in the longitudinal and transverse orientations as shown in Figure

4.23. The reported values represent the mean value, where a minimum of five data

points were obtained at each temperature. In the longitudinal orientation all moduli
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values at a given temperature were found to be within a 2-3% variation of the mean

value. This can be considered reasonable given potential microstructural inhomo-

geneities occurring amongst the different cast slabs; specifically the allowed +/−7.5◦

longitudinal grain misoreintation relative to the growth direction [16]. In the case

of the transverse modulus, a variance of 10% was observed at a given temperature.

The increased scatter over the longitudinal values can be attributed to the fact that

a wholly random secondary grain orientation is present in the transverse specimens.

Work on large grained polycrystalline alloys have shown that when randomness is

introduced into the grain orientation, variations as high as +/−50% from the mean

elastic moduli can occur [19].

(a) (b)

Figure 4.23: Elastic modulus comparison of CM247LC-DS in the Virgin,
isotropically coarsened, N-raft and, P-raft states in the (a) longitudinal orientation

(b) transverse orientation.

For both of the rafted structures, and isotropically coarsened, the yield strength

curves behave similarly to the virgin material and exhibit nearly constant values

between room temperature and 650◦C as shown in Figure 4.24. Above 650◦C, the

drop-off in the yield strength of the aged microstructures is well pronounced in com-

parison to the virgin microstructure which peaks at 750◦C. Bounding the measured

yield strength is the virgin microstructure on the maximum and the virgin and the

isotropically coarsened on the minimum. Generally, the aged microstructures exhibit
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a 20% reduction in yield strength over that of the virgin microstructure. Though at

950◦C and 1050◦C all the microstructures exhibit similar yield strengths. This can be

primarily attributed to the fact that above 950◦C, the γ matrix is sustaining nearly all

the inelastic deformation, as the passage of dislocations through the γ′ precipitates

becomes impossible [16]. Below 850◦C aging of the γ′ results in a lowering of the

threshold stress required to shear the precipitates via dislocation pairs [68, 113–115].

These results are similar to those observed for IN-713LC and SX MC2 in coarsened

states [116,117].

In the as-heat-treated state little variation is typically observed between the 0.2%

and 0.02% yield strengths of a Ni-base superalloy at temperatures below 750◦C in

the longitudinal orientation. While the aged microstructures indicate that some soft-

ening has occurred as a result of the aging processes, the 0.02% offset yield strength

indicates that through aging, internal stresses within the alloy are greatly reduced.

The implications of these results are such that thermomechanical loadings for which

would be entirely elastic for the virgin material, result in plastic deformation in the

aged microstructures.

(a) (b)

Figure 4.24: Tensile yield strength comparison in the L-orientation for the Virgin,
isotropically coarsened, N-raft and, P-raft microstructures for ε̇ = 10−3 1

s
(a) 0.02%

yield strength (b) 0.2% yield strength.

In the case of the yield strength in the transverse orientation, an understanding
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of the behavior is less clear as a result of the secondary orientations of the grains and

definitive attribution can not be made based on the results as shown in Figure 4.25.

(a) (b)

Figure 4.25: Tensile yield strength comparison in the T-orientation for the Virgin,
isotropically coarsened, N-raft and, P-raft microstructures ε̇ = 10−3 1

s
(a) 0.02% yield

strength (b) 0.2% yield strength.

4.5.2 Room Temperature Cyclic Behavior

Under fully reversed room temperature (20◦C) conditions, each of the microstructures

was tested to examine their respective LCF resistance in the L-orientation. Shown in

Figure 4.26 is the stress amplitude life curves for each of the microstructure responses.

In the case of the virgin microstructure, the room temperature experiment was re-

peated two times to provide understanding of the potential scatter in the fatigue life

distribution. Overall, the virgin microstructure exhibited a +/−20% variation from

the mean life of 5250 cycles. In the case of the aged microstructures, only a single

experiment was conducted for each. Overall the P-raft microstructure exhibited the

greatest decline from the mean life of the virgin material with a 20% decline. While

the N-Raft microstructure resulted in nearly identical life values as the virgin mean

life and the stress-free coarsened microstructure a 25% increase in life over the virgin

mean. However, these differences in the in the aged microstuctures can be considered

to still fall within the experimental scatter of the virgin life, and as such the room

temperature strain-life response can be considered to be microstructure independent.
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Microstructural analysis further supported this as fatigue cracking was found to be

associated with debonded carbides for each of the microstuctures.

(a) (b)

Figure 4.26: (a) Half-life (b) Stress amplitude curves for ambient fatigue tests
with ∆εmech = 1.3% conducted on the virgin, isotropically coarsened, N-raft, and

P-raft microstructures.
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CHAPTER V

AS-HEAT TREATED TMF BEHAVIOR

No single set of TMF conditions can be considered truly representative of those in a

IGTE. As a result, idealized TMF cycles are used; with the choice of the TMF condi-

tions dependent on the information desired. To date there has yet to be presented a

full consideration of the spectrum of TMF conditions and the corresponding effect on

fatigue crack initiation in the low cycle regime on the as-heat treated microstructure.

Considered in this work are the following TMF effects:

• Influence of temperature extremum on TMF life

• Effects of temperature-load phasing on TMF life

• Mean strain effects on TMF life

• Creep-fatigue interactions

• Effects of off-axis grain behavior

While plots of the primary experimental results are shown in the main body of the

text, the details of all experimental results are tabulated in Appendix B. Further,

for experimental conditions where the experimental scatter in the life was unknown,

a scatter of +/−20% was assumed to provide a measure of the uncertainty when

plotting the TMF lives. This uncertainty is based on the experimental scatter for

test conditions where multiple experiments were conducted.

5.1 Influence of Temperature Extremum

The minimum temperature (Tmin) experienced by material within gas turbine engines

relates to the length of the engine’s shutdown. Short shutdowns are associated with
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minimum temperatures of 500◦C and 100◦C with long ones. Most often it is desirable

to conduct TMF experiments in laboratories with a minimum cycle temperature as

low as possible to replicate long-term shutdowns conditions; however, to accelerate

testing by increasing the frequency of the cycle, a higher minimum temperature is

often used. This has typically been justified assuming that TMF life is controlled

by degradation processes occurring during the high temperature excursions in the

cycle, while the yield strength for most Ni-base superalloys remains nearly constant

below 500◦C. The reductions in the Tmin of the cycle have two possible impacts on the

material. First being a reduction in the fatigue resistance, due to an increase in the

inelastic strain range arising from increases in the elastic modulus with the decreasing

temperature [7]. Second, the aging of the γ′ microstructure has been reported to

be observed at elevated temperatures [7]. However, in light of these observations,

extension of these trends to Tmax below 950◦C when aging is insignificant is unclear.

TMF experiments were conducted under both IP, Rε = 0 and OP, Rε = −∞

phasing conditions with a Tmin of either 100◦C or 500◦C on specimens with an L-

orientation. The Tmax investigated for each phasing condition were 750, 850, and

950◦C, with the corresponding mechanical strain amplitudes of 1.2, 1.1, and 1.0%

respectively. The mechanical strain amplitudes were chosen to obtain TMF lives

in the neighborhood of 1,000 cycles, which is long enough for TMF interactions to

be significant, while short enough to achieve the result in a reasonable period of

time. Through reducing not only the Tmin, but also the Tmax, the various damage

mechanisms thought to be associated with this reduced Tmin effect can be segregated.

For Tmax of 750◦C, one can expect the failure mechanisms to be dominated by pure

fatigue, when Tmax is 850◦C a mixture of creep-fatigue, and when Tmax is 950◦C, a

combination of microstructure evolution, creep, and fatigue damage is occurring.

The resultant life values of the IP and OP TMF experiments conducted are pre-

sented in Figures 5.1 and 5.2, respectively. A reduction in the Tmin was observed
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to result on average in a 65% net reduction in life across all Tmax conditions tested

when the Tmin=500◦C experiments are used as baseline comparisons. The greatest

comparative decrease in life was found to occur for the IP experiments with Tmax

of either 850◦C or 950◦C which correlated to a nearly 90% reduction in life. Of the

experiments, the OP TMF experiment with Tmax of 750◦C exhibited the least de-

crease, with a 45% reduction in life. Overall the magnitude of the life knockdown

effect observed here is similar in magnitude to that reported for CMSX-4 which was

tested under OP TMF, Rε = −∞ conditions with a Tmax of 950◦C for Tmin values

of 100 and 400◦C [7]. As a note, the crack nucleation and ultimate failure for two

experiments, OP 500-750 and 500-850◦C occurred at a TC weld location. As a result,

the failure life of the material under the true test conditions would likely be even

higher, resulting in a greater difference.

750◦C
∆εmech = 1.2

850◦C
∆εmech = 1.1

950◦C
∆εmech = 1.0
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Figure 5.1: Influence of Tmin on IP TMF life in the L-orientation.
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Figure 5.2: Influence of Tmin on OP TMF life in the L-orientation.

The respective hysteresis responses at half-life were compared. All reduced Tmin

experiments exhibited increases in the inelastic strain range compared to the higher

Tmin responses under both IP and OP TMF loadings as shown in Figure 5.3a-f at

half-life. In addition, the stress amplitude of the reduced Tmin is greater. While the

yield strength remains nearly constant in the 100-650◦C temperature range (Figure

4.24), the elastic modulus increases nearly 20% when temperature decreases from

500 to 100◦C as shown in Figure 4.23. For a given mechanical strain range, when the

temperature is lower, the elastic strain range is reduced resulting in a greater inelastic

strain range.

The reduced Tmin experiments exhibit a 10-20% higher stress amplitude than

Tmin = 500◦C as shown in Figure 5.4 from the onset of cycling. In most cases, the

specimens were observed to have achieved stabilized hysteresis within the experiments

first 10 cycles; however, the IP TMF 100-850◦C experiment and the IP TMF exper-

iments with a Tmax of 950◦C exhibited cyclic softening with the peak tensile stress

occurring on the first cycle.
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(a) (b)

(c) (d)

(e) (f)

Figure 5.3: Hysteresis curves showing the influence of a 400◦C reduction in the
minimum cycle temperature at the respective half lives under (a) OP TMF

Tmax=750◦C (b) IP TMF Tmax=750◦C (c) OP TMF Tmax=850◦C (d) IP TMF
Tmax=850◦C (e) OP TMF Tmax=950◦C (f) IP TMF Tmax=950◦C.
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(a) (b)

Figure 5.4: Stress amplitude curves for (a) IP TMF experiments with Rε = 0 (b)
OP TMF experiments with Rε = −∞.

In the case of IP TMF experiments with Tmax=950◦C, the cyclic softening can

be attributed to extensive inelastic strains occurring in the γ channels perpendicular

to the loading axis at peak temperatures as a result of the alignment of the peak

temperature with the peak tensile strain that occurs in IP TMF [44]. In the case of

OP TMF, the greatest inelastic deformation occurs in the γ channels parallel to the

applied axial load [44]. In comparison, the cyclic softening observed in the 100-850◦C

IP experiments, is a combination of accumulation of plastic deformation in the γ

channels perpendicular to the load and shearing of the γ′ that occurs at temperatures

below 750◦C during the TMF cycle [16,44].

OP TMF failure was dominated by preferential cracking along the oxidation spikes

(Figure 5.5) when Tmax=850◦C and 950◦C, but when Tmax=750◦C the mechanism of

failure was pure fatigue, with the crack exhibiting macroscopic cube shear behavior.

The mechanism can be determined through consideration of the activation energies

for creep and oxidation of the alloy; which in the case of CM247LC-DS are 300 and

80 KJ
kṁol

respectively [101, 118]. Further, in dropping the temperature from 950◦C to

750◦C, a 80% reduction in the rate of oxidation occurs [118]. As a result, the 750◦C

behavior was attributed to stress concentrations on fewer slip planes and γ′ shearing,

whereas above 800◦C the deformation becomes more homogeneous with damage being
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localized to the γ channels [68]. In contrast, fatigue cracks were observed to be ema-

nating from carbide interfaces and the surrounding material in all IP TMF specimens

as shown in Figure 5.6. In the coming sections, this IP fatigue failure mechanism will

be discussed in greater detail. Ultimately, no discernible influence of minimum cycle

temperature was observed on the failure mechanisms, with the temperature-strain

phasing controlling which degradation mechanism operates.

Figure 5.5: Fatigue crack propagating from an oxidation spike in material exposed
to OP TMF Rε = −∞ TMF (∆T=100-950◦C ∆εmech = 1.0%).
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Figure 5.6: Fatigue cracks linking between debonded carbides in materail exposed
to IP Rε = 0 TMF (∆T=100-750◦C ∆εmech = 1.2%).

At the end of these experiments, the γ′ precipitates were found to be in the early

stages of directional coarsening for specimens tested with a Tmax of 950◦C as shown

by the heavily cuboidal microstructure in Figure 5.7. No detectable microstructure

evolution was observed in the experiments conducted at maximum temperatures of

either 750◦C or 850◦C. These findings are consistent with the predictions of the ana-

lytical model for aging presented in Chapter 4 where directional coarsening was only

observed at temperatures above 900◦C. Further, the cumulative exposure time for

the Tmax=950◦C specimens during the TMF experiment is too short to bring about

a fully rafted structure, even though the thermodynamic driving force for directional

coarsening is sufficient.
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Figure 5.7: Resultant microstructure from failed material exposed to OP
Rε = −∞ TMF ( ∆T=100-950◦C ∆εmech = 1.0%).

While coarsening of the γ′ microstructure is known to induce a softening effect

in Ni-base superalloys (Figure 4.24), microstructural analysis revealed this to be a

non-factor in the TMF experiments conducted at Tmax of 750◦C and 850◦C, and a

secondary factor at 950◦C [116]. As for the influence of environmental degradation on

the life, continuous cracking and re-oxidizing of the specimen surface and subsurface γ′

depletion at Tmax of 850◦C and 950◦C can be considered primary contributing factors

for OP TMF life; however, at Tmax of 750◦C the rate of oxidation is reduced 80% due

to the oxidation kinetics having an exponential dependence on temperature [118]. In

the case of the IP experiments conducted at 850◦C and 950◦C, accumulation of creep

damage can be considered a contributing factor as evidenced by the cyclic softening

in the stress amplitude curves. At 750◦C, peak tensile stresses greater than those

observed in the IP Tmax=750◦C cycles would be required for the material to see

significant creep damage accumulation based on the creep-rupture behavior of this

DS alloy [101]. With three of four potential contributing factors for the reduction in
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life discounted for specimens tested at 750◦C under both IP and OP conditions, the

observed reduction in life when the minimum cycle temperature is reduced can be

fully explained as a result of the greater inelastic strain that occurs from an increase

in the elastic modulus in the sub-500◦C temperature regime.

5.2 Influence of Temperature-Load Phasing

Amongst TMF loadings, OP TMF loadings generally become the life limiting cycle

type [68,90,119]. This is attributed to the material degradation that occurs from the

the continuous cracking of oxide layers and re-oxidation in the areas surrounding a

growing fatigue crack [84]. The characteristics of an O-type crossover being that IP

loading conditions are life limiting for large strain amplitudes and OP life limiting

for small strain amplitudes [120]. In the case of CM247LC-DS undergoing TMF in

the temperature ranges of both 100-950◦C and 500-950◦C for IP Rε = 0 and OP

Rε = −∞ the IP behavior is life limiting at high ∆εmech, while at low ∆εmech OP

TMF become life limiting. This is shown in Figure 5.8. The experimental findings

indicate that with changes in the TMF cycle temperature range, a shift in the IP-OP

mechanical strain crossover occurs. For the 500-950◦C temperature range, the IP-OP

curves cross at a ∆εmech ≈ 0.9%, while TMF with a ∆T = 100− 950◦C resulted in a

crossover occurring at a ∆εmech ≈ 0.7%.
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Figure 5.8: IP-OP TMF strain-life curves for material in the L-orientation
depicting the influence of Tmin on the IP-OP mechanical strain crossover.

Similar IP-OP crossovers have also been reported for the Ni-base superalloys IN-

718-LC, Mar-M247LC-DS, and GTD-111 undergoing TMF with a Tmax in the 871-

971◦C range [86, 119, 121, 122]. In addition, the results presented in Figures 5.1 and

5.2 indicate that IP-OP crossovers may occur for TMF cycles with Tmax of either

750◦C and 850◦C due to the fact that the OP TMF experiments exhibited greater

lives than the corresponding IP TMF experiments. However, due to the extended

cyclic life of experiments conducted with Tmax of either 750◦C or 850◦C, determining

the potential crossover points would have been impractical.

Specimens exposed to IP TMF conditions above the cross-over point revealed that

a large majority of the M23C6 carbides within the microstructure had fatigue cracks

either emanating from their interfaces with the γ−γ′ matrix or in the matrix material

directly surrounding them as shown in Figure 5.9. Due to the three-dimensional

nature of the carbides, the cracks in the matrix could be the result of below carbide

debonding [26]. In addition, the minority of carbides with chord lengths greater than

20 µm were themselves observed to have cracked; most likely on the initial cycle [123,
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124]. Similar microstructural observations have been reported for IP TMF of other Ni-

base superalloys where the Tmax values used were in the 870-970◦C range [86,119,121,

122]. However, these occurrences were attributed to creep related mechanisms [86,119,

121,122]. For IP TMF, 500-950◦C experiments conducted below the mechanical strain

crossover point, fatigue cracks were still observed to be emanating from debonded

carbides and the surrounding regions.

The preferred fatigue crack growth and propagation mechanisms were observed to

be the linking-up of cracks with neighboring carbides as shown in Figure 5.10. While

creep interactions between the carbides and surrounding matrix can be assumed to

most certainty occur for TMF tests conducted with high mechanical strain ampli-

tudes and Tmaxs of either 750◦C and 850◦C, the presence of debonded carbides in

specimens tested under IP TMF conditions with a Tmax=750◦C and low mechanical

strain amplitude (relatively speaking) is indicative that this is a creep modulated

mechanism for TMF cycles with a Tmax above 850◦C. Under OP TMF conditions

carbide decohesion is not observed. However, the carbides can still be observed as a

stress concentrator as a result of slip bands emanating from the carbides as shown in

Figure 5.11.
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Figure 5.9: Cracks emanating from a debonded MC carbide under IP Rε = 0
TMF loading (∆T=100-950◦C ∆εmech = 0.8%.)
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Figure 5.10: The linking of fatigue cracks originating from carbides in material
exposed to IP Rε = 0 TMF (∆T=500-750◦C ∆εmech = 1.2%). The carbides appear

as white.
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Figure 5.11: Slip band impingement on a M23C6 carbide occurring as a result of
OP Rε = −∞ TMF exposure within a interdendritic region (∆T=100-950◦C

∆εmech = 0.8%).

For Mar-M200 undergoing isothermal LCF in the 20-800◦C temperature range,

the primary fatigue crack propagation mechanism was determined to be the linking

of cracks emanating from debonded carbides [124, 125]. Above, 850◦C, was reported

the fatigue crack propagation mechanism changed to that of cracks initiating at cast-

ing porosity in Mar-M200 [124,125]. However, in the case of CM247LC-DS there is no

significant casting porosity. Additionally, quantitative fractography measurements of

failed tensile surfaces tested in the 20-880◦C range revealed the carbide area fraction

was found to average 10%, while the average volume fraction of carbides within the

bulk was determined to be less than 2% [126]. Further, the expected thermal strain

mismatch between the bulk superalloy and the MC/M23C6 carbides are ≈1.0% re-

sulting in compressive strains developing in the material surrounding the carbides at

room temperature [127–129].
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Overall, the IP-OP mechanical strain-life crossover point and the associated tem-

perature dependence can be linked with the microscopic TMF conditions in the mate-

rial surrounding the carbides and the associated interfaces. When accounting for the

strains induced by the thermal strain mismatch, the matrix material in regions in the

immediate vicinity of the carbides experiences a local mechanical strain amplitude

that is a composite value of the thermal misfit and the applied mechanical strain

amplitude for a given TMF cycle that ultimately results in extensive fatigue damage

accumulation in these localized regions. Ultimately, below the IP-OP crossover point,

fatigue damage accumulation in regions near the debonded carbides under IP TMF

continues to occur, however the damage accumulation is at a reduced rate compared

to the OP TMF experiments leading to restoration of OP TMF being the life limiting

cycle [86].

5.3 Influence of Mean Strain

While the loading conditions in service components are typically associated with OP

Rε = −∞ TMF and IP Rε = 0 TMF loadings, variations in mean strains do occur

within service components. To examine the influence of mean strain on strain-life

behavior in the L-orientation, OP Rε = −∞ and Rε = −1 TMF experiments in

the 500-950◦C temperature range were conducted. Similarly, IP experiments were

conducted for both Rε = 0 and Rε = −1 in the 500-950◦C range. The strain-

life curves for each set of mean strain conditions is shown in Figure 5.12 with the

isothermal LCF behavior at 950◦C under fully-reversed conditions as a reference to

the upper strain-life limit.
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Figure 5.12: Life curves for TMF experiments for material in the L-orientation
conducted in the 500-950◦C temperature range under IP Rε = −1 and Rε = 0

loading conditions and OP Rε = −1 and Rε = −∞ conditions in comparison to the
strain-life at 950◦C under fully-reversed loading conditions.

Specimens tested under both IP and OP Rε = −1 TMF generally exhibited shorter

fatigue lives than the TMF experiments with a mean strain. However, the results are

well within the experimental scatter of the material and the allowable variations for

grain misorientation. Through repetition of the TMF experiments, a +\−20% range

in the life from the mean value was found.

Shown in Figures 5.13 and 5.14 are comparative sets of initial cycle and half-life

stress-train curves with the corresponding mean stress evolution curves for both IP

and OP TMF. Aside from the shift in strain associated with the difference in strain

ratios, the half-life hysteresis behavior under both IP and OP conditions with a mean

strain result in statistically identical peak stresses as the corresponding fully-reversed

experiments at half-life. In addition the accumulated inelastic strains were also equiv-

alent between the cycles. From the evolution of the mean stress is observed those IP

and OP experiments conducted with a mean strain exhibited nearly symmetric load-

ing on the initial cycle, with the material ultimately reaching stabilized hysteresis at
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approximately 15% life, whereas the fully-reversed experiments stabilized within 10%

of the life value. Further, both IP and OP experiments with Rε = −1 experienced

higher magnitude stresses on the cold portion of their respective TMF cycles early in

life driving the rate of stress stabilization.

(a) (b)

(c)

Figure 5.13: IP TMF results with ∆T=500-950◦C comparing the effect of mean
strain on (a) First cycle response (b) Half-life hysteresis response (c) Mean stress

evolution.
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(a) (b)

(c)

Figure 5.14: OP TMF results with ∆T=500-950◦C comparing the effect of mean
strain on (a) First cycle response (b) Half-life hysteresis response (c) Mean stress

evolution.

While differences exist in the stress evolution, knowledge of the known statistical

scatter in the strain-life results and the similarities of the resultant strain-life and

stress response, the TMF response is essentially independent of mean strain. As a

result, the mechanical strain amplitude controls the strain-life under TMF conditions.

These findings are consistent with the behavior of other Ni-base superalloys under

various mean strain conditions [25].

5.4 Creep-Fatigue Interaction

From this point forward, CC and CF will be used to distinguish between continuous

cycled and creep-fatigue TMF cycle types. In all cases, CF TMF cycles included a
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20 minute strain hold at the peak cycle temperature. The life comparisons between

CC TMF and CF TMF experiments are shown in Figure 5.15. On average, the

inclusion of a dwell period resulted in a 2x or greater reduction in TMF life, with the

greatest life reductions occurring for IP TMF conditions. This IP life reduction can

be attributed to the rapid debonding of the carbides and fatigue crack nucleation in

the surrounding matrix material through the accumulation of voids. In the case of OP

TMF, the increase in cyclic inelastic strain coupled with the accelerated environmental

damage can be considered the primary reason for the life reduction.

IP Rε = 0
∆εmech = 1.2%

100-750◦C

IP Rε = 0
∆εmech = 1.1%

100-850◦C

IP Rε = 0
∆εmech = 0.8%

100-950◦C

OP Rε = −∞
∆εmech = 0.8%

100-950◦C
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Figure 5.15: Comparison of the CF effect on the TMF life behavior in the
L-orientation in relation to CC TMF conditions for both IP and OP loadings.

Shown in Figures 5.16-5.19 are the half-life hysteresis and mean stress evolution

curves comparing the CC and CF responses for the life results in Figure 5.15. The

dwell periods were generally found to result in an increase in the amount of accumu-

lated inelastic strain, with nearly complete stress relaxation occurring for CF TMF

cycles with Tmax of 850◦C and 950◦C. At 750◦C, minimal stress relaxation is observed

to occur as a result of the limited creep deformation. This is consistent with trends
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observed for DS Ni-base superalloys under isothermal CF conditions [25].

(a) (b)

Figure 5.16: IP Rε = 0 TMF results for ∆T=100-750◦C comparing CC to CF in
the L-orientation on the (a) Half-life hysteresis response (b) Mean stress evolution.

(a) (b)

Figure 5.17: IP Rε = 0 TMF results for ∆T=100-850◦C comparing CC to CF in
the L-orientation on the (a) Half-life hysteresis response (b) Mean stress evolution.
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(a) (b)

Figure 5.18: IP Rε = 0 TMF results for ∆T=100-950◦C comparing CC to CF in
the L-orientation on the (a) Half-life hysteresis response (b) Mean stress evolution.

(a) (b)

Figure 5.19: OP Rε = −∞ TMF results for ∆T=100-950◦C comparing CC to CF
in the L-orientation on the (a) Half-life hysteresis response (b) Mean stress

evolution.

For experiments conducted in the L-orientation under IP TMF conditions, the

mean stress initially decreases before stabilizing at a value 20% above the peak mean

stress. Whereas, in the OP CF case, the mean stress initially decrease 20% before

increasing again, being indicative that changes in the internal stresses of the γ −

γ′ microstructure are occurring. While the temporal length of the OP CF TMF

experiment is enough to bring about directional coarsening as shown in Figure 5.20,

the microstructure in the IP CF TMF experiments were prevented from directional
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coarsening by the rapid propagation of fatigue cracks from debonded carbides. The

temporal findings are consistent with the aging kinetics presented in Chapter 4 shown

by characterizing the microstructure using two-point correlation statistics.

Figure 5.20: Resulting microstructure obtained after exposure to OP Rε = −∞
CF TMF with (∆T = 100− 950◦C ∆εmech = 0.8%).

5.5 Orientation Effects

In the transverse orientation are shared many of the life trends observed for TMF load-

ings in the L-orientation, however the transverse life is reduced from the L-orientation

as a result of the differences in the elastic moduli. For this study, TMF experiments

in the T-orientation were conducted to analyze the Tmin influence, IP-OP TMF life

behavior, and the effects of CF interactions on the TMF life. Complicating the in-

terpretation of the results is the variability of the secondary grain orientations and

their net effect on the elastic properties. For the specimens tested in this study, all
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had elastic moduli within +/- 10% of 170 GPa at room temperature.

For the experiments conducted in the T-orientation, the OP Rε = −∞ TMF

life behavior for the 100-950◦C range was consistently found to exhibit a greater life

than the corresponding IP Rε = 0 TMF experiments as shown in Figure 5.21. As

to whether or not the T-orientation exhibits a O-type crossover similar to the L-

orientation is unclear. If a crossover does occur, the crossover would likely occur

below ∆εmech ≈ 0.3% based on the life trend curves. Similar to the L-orientation, CF

fatigue conditions in the T-orientation result in a nearly 2x reduction in the fatigue

life under both IP and OP TMF conditions as shown in Figure 5.22. Comparisons of

the half-life behaviors between CC and CF reveal little difference in the mechanical

response as shown in Figure 5.23. In the case of the failed gage sections exposed to

OP TMF can be seen significant differences between the material exposed to CC and

CF conditions as shown in Figure 5.24.

Figure 5.21: TMF life in the T-orientation for IP Rε = 0 and OP Rε = −∞ TMF
loadings.
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Figure 5.22: Comparison of the CF effect on the TMF stain-life behavior in the
T-orientation in relation to CC TMF conditions for both IP and OP 100-950◦C

loadings.

(a) (b)

Figure 5.23: IP TMF results for ∆T=100-950◦C comparing CC to CF in the
T-orientation on the (a) Half-life hysteresis response (b) Mean stress evolution.

Microscopy of the failed specimens indicates that under IP TMF conditions, fa-

tigue crack propagation is dominated by intergranular cracking and cracks eminating

from grain boundary carbides. This can be seen in the macroscopic micrograph in

Figure 5.25 and the microscopic micrograph in Figure 5.26. The implications of the
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grain boundaries become significant in deciding the mode of fatigue crack growth and

the materials susceptibility to environmental damage under TMF conditions. This

behavior is similar to that reported for the DS Ni-base superalloy Mar-M247 [86,121].

Further, aging of the γ − γ′ microstructure in the T-oriented was not observed as a

result of exposure to CF conditions as in the L-oriented, this can be attributed to the

sensitivity of the evolution kinetics to crystallographic orientation [130].

(a) (b)

Figure 5.24: Comparison of the failed gage surfaces exposed to OP TMF,
∆T =100-950◦C and ∆εmech = 0.55% in the T-orientation (a) under CC conditions

(b) under CF conditions.

Figure 5.25: Transgranular cracking occurring under IP Rε = 0 TMF conditions
(∆T =100-950◦C ∆εmech = 0.55%).
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Figure 5.26: Fatigue crack emanating from a carbide along a grain boundary in
material tested under IP Rε = 0 CC TMF conditions (∆T =100-950◦C

∆εmech = 0.55%).
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CHAPTER VI

INFLUENCE OF AGED STATES ON TMF

Unclear is whether aged microstructures are beneficial or detrimental to the fatigue

life of Ni-base superalloys. Specifically, if a aged microstructure is beneficial, what are

the fatigue conditions? To answer these questions, this chapter presents experimental

results conducted for three distinct aged micrsotructure states observed in service

components, isotropic coarsened, N-raft, and P-raft microstructures. Again presented

within the main body of the text are the life plots of the primary results, while the

complete experimental results are tabulated in Appendix B. As before, the error bars

provide a +/- 20 % measure of the potential scatter in the life results based on

repeated experiments in the virgin microstructure.

6.1 Isotropically Coarsened

To explore the influence of isotropic coarsening conditions, the most relevant TMF

conditions in the context of a service component are IP TMF with Rε = 0. For all

isotropically coarsened TMF experiments, a Tmax of 750◦C was used. A peak temper-

ature of 750◦C being representative of material near internal cooling passages within

the service component where fatigue cracking is a prominent issue [101]. While ma-

terial near the surfaces of the internal cooling cavities can reach temperatures well

in excess of 750◦C, 750-800◦C is near the upper limit under which the application of

stress and temperature are expected to result in a non-rafted coarsened microstruc-

ture [16, 63]. Above 850◦C, the expectations are for the γ′ cuboids to form a rafted

microstructure.
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The TMF life results in the L-orientation are shown in Figure 6.1. In the L-

orientation, the coarsened microstructure under 500-750◦C CC TMF conditions re-

sulted in a 85% life reduction, while the TMF cycle with the 100-750◦C temperature

range exhibited a 65% life reduction when compared to the virgin material response.

Similar decreases in life have been reported for Rene 80 in the overaged state tested

under isothermal LCF conditions [131]. In the case of the influence of CF on the

coarsened microstructure, no discernible difference between the virgin and coarsened

microstructure was observed. Further, comparison within the coarsened experiments,

reveals the trends of reduced life accompanying both the reduction in the Tmin and the

inclusion of a tensile strain hold similar to those observed for the virgin microstructure

in Chapter 5.

For the TMF conditions tested, no statistically meaningful difference in the mea-

surable inelastic strains was detected for the coarsened and virgin microstructures

undergoing CC and CF TMF as shown in the representative half-life curves in Figures

6.2a and 6.3a. While the inelastic strains were similar, the coarsened microstructure

exhibited a tensile mean stress in each of the CC TMF experiments, while the cor-

responding virgin experiments consistently experienced compressive mean stresses as

shown in Figure 6.2b. This trend was observed to be repeatable for specimens taken

from different slabs. However, in the case of the CF cycles, the mean stress occurring

within the virgin material is observed to evolve towards and reach the stabilized mean

stress of the coarsened microstructure (Figure 6.3b).
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Figure 6.1: Life comparison between the isotropically coarsened and virgin
microstructures in the L-orientation under IP Rε = 0 TMF loading conditions.

(a) (b)

Figure 6.2: IP Rε = 0 TMF results for ∆T=100-750◦C comparing the isotropically
coarsened microstructure to the virgin under CC conditions in the L-orientation on

the (a) Half-life hysteresis response (b) Mean stress evolution.
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(a) (b)

Figure 6.3: IP Rε = 0 TMF results for ∆T=100-750◦C comparing the isotropically
coarsened microstructure to the virgin under CF conditions in the L-orientation on

the (a) Half-life hysteresis response (b) Mean stress evolution.

For both the coarsened and virgin microstructures, the mode of crack growth was

observed to be of macroscopic cube shear Figure 6.4. This can be considered typical of

Ni-base superalloys fatigued in the intermediate temperature regime [19]. In addition,

the failed coarsened microstructure revealed significant carbide debonding similar to

that in the virgin material that ultimately leads to a rapid propagation of fatigue

cracks throughout the microstructure as shown in Figure 6.5.

In the CC case, the higher mean stress in the coarsened microstructure can be

associated with the relaxation of the internal γ − γ′ misfit stresses and the resulting

life reductions on the decrease in shear resistance of the overaged γ′ microstruc-

ture [132, 133]. In the case of the CF cycle, the ultimate stabilization of both the

coarsened and virgin microstructures at the near identical mean stress values indi-

cates that the inelastic strain accumulated by inclusion of the tensile dwell drives

both microstructures to the same internal stress state, i.e. relaxation of the misfit

stress.
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(a) (b)

Figure 6.4: Comparison of failed gage surfaces exposed to IP Rε = 0 CC TMF
conditions with ∆T = 100− 750◦C and ∆εmech = 1.2% for the (a) Virgin

microstructure and (b) Coarsened microstructure. Note: after failure of the virgin
specimen, the upper half of the gauge section continued to be heated by the

induction coil resulting in alterations to the failure surface texture.

Figure 6.5: Debonded/cracked carbide within a stress-free coarsened
microstructure at a dendritic-interdendritic boundary after exposure to IP Rε = 0

CC TMF (∆T = 500− 750◦C ∆εmech = 1.2%).
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6.2 N-raft

In service components, N-rafts occur only under IP conditions for the case of a

negative lattice mismatch alloy [16]. And similar to the coarsened microstructure,

the N-rafts form in regions surrounding cooling passages. Above temperatures of

900◦C and moderate stresses, N-rafts are expected to rapidly develop as observed

in the microstructure evolution kinetics observed in Chapter 4. Long term exposure

(10, 000hrs) at temperatures as low as 850◦C and high stresses are capable of bringing

about a rafted state [48, 72]. For the TMF test conditions, Tmax of both 850◦C and

950◦C were considered with Rε = 0.

Shown in Figure 6.6 and 6.7 are the life results of the N-raft microstructure in

relation to the virgin material for both Tmax of 850◦C and 950◦C in the L-orientation.

When increasing the mechanical strain amplitude from 0.8 to 1.0% under 100-950◦C

IP TMF conditions, the TMF life was observed to become microstructure insensi-

tive as shown in Figure 6.7. With a decreasing mechanical strain amplitude the

strain-life values were observed to become microstructure sensitive, with the N-raft

microstructure exhibiting a 50% reduction in the strain-life over the virgin microstruc-

ture under CC conditions at Tmax of 850 and 950◦C. These life reductions are con-

sistent with reported results for other Ni-base superalloys given tensile pre-creep

treatments [7, 25, 89, 90, 134]. However, CF TMF of the N-raft microstructure in the

L-orientation for Tmax of both 850 and 950◦C, no discernible difference in TMF life

was observed. Further, under CC TMF conditions in the T-orientation as shown in

Figure 6.8, no distinguishable effects of aging were found on the TMF behavior for

the conditions tested.
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Figure 6.6: Life comparison between the N-raft and virgin microstructures in the
L-orientation under IP TMF loading conditions for Tmax=850◦C.
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Figure 6.7: Life comparison between the N-raft and virgin microstructures in the
L-orientation under IP TMF loading conditions for Tmax=950◦C.
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Figure 6.8: Life comparison between the N-raft and virgin microstructures in the
T-orientation under IP TMF loading conditions.

.

With decreasing strain amplitudes, the N-raft microstructure exhibited similar

behavior as that observed with the stress-free coarsened microstructure, in that the

mean stresses of the CC TMF experiments did not relax to the extent exhibited by the

virgin microstructure shown in Figure 6.9. The reduced relaxation of mean stress at

Tmax of 850◦C and 950◦C resulted in a 20% on average larger mean tensile stress. This

can in-part be attributed to the decrease in the mean-free dislocation path between

the γ′ precipitates within the dendritic core. Similar experimental findings have been

made on CMSX-4 and CMSX-6 single crystals given a pre-creep treatment [111].

In the case of CC TMF of the N-raft microstructure in the T-orientation, small

variations (≤ 5%) in both the mean stress and induced inelastic strains were observed

as shown in Figure 6.10. However, these can most likely be attributed to the random

secondary orientation of the grains.

116



(a) (b)

Figure 6.9: IP Rε = 0 TMF results for ∆T=100-950◦C comparing the N-raft
microstructure to the virgin under CC conditions in the L-orientation on the (a)

Half-life hysteresis response (b) Mean stress evolution.

(a) (b)

Figure 6.10: IP Rε = 0 TMF results for ∆T=100-950◦C comparing the N-raft
microstructure to the virgin under CC conditions in the T-orientation on the (a)

Half-life hysteresis response (b) Mean stress evolution.

For the cases where the N-raft microstructure is tested under CF conditions, the

mean stresses in the virgin material are observed to converge towards the stabilized

mean stress of the N-raft microstructure as shown in Figure 6.11. For CF at a

Tmax of 950◦C, the N-raft achieved stabilized hysteresis after 5% life, while the virgin

microstructure stabilizes within 25% of the respective life value.
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(a) (b)

Figure 6.11: IP TMF results for ∆T=100-950◦C comparing the N-raft
microstructure to the virgin under CF conditions in the L-orientation on the (a)

Half-life hysteresis response (b) Mean stress evolution.

A comparison of the macroscopic fatigue cracks for the virgin and N-raft mi-

crostructure are compared in Figure 6.12a. Fatigue cracks in the N-rafted speci-

mens with a L-orientation behaved in a manner consistent with a macroscopic cube

shear crack propagation mechanism even with a Tmax=950◦C, whereas the virgin mi-

crostructure allows for large scale fatigue crack propagation along the {111} planes.

The N-raft microstructures indicates a crack propagation mechanism dependent on

two factors: The primary component being the initiation of fatigue cracks emanating

from debonded carbides as in the virgin material under IP TMF conditions as shown

in Figure 6.13, followed by rapid fatigue crack propagation along the high dislocation

density γ channels perpendicular to the applied load. A schematic that illustrates

this mechanism is depcited in Figure 6.14. Similar findings have been reported for

the GTD-111 and CMSX-4 amongst other Ni-base superalloys [48, 89,134].
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(a) (b)

Figure 6.12: Comparison of the failed gage surfaces under IP Rε = 0 CC,
∆T =100-950◦C, ∆εmech = 0.8% TMF conditions of (a) the virgin microstructure

and (b) the N-raft microstructure. Note: The observable surface cracks were
enhanced to distinguish from surface undulations in the oxide layer.

Figure 6.13: Debonded carbide in the N-raft microstructure with fatigue cracks
emanating from the interface between the matrix and carbide. Test conditions for

the specific case shown are IP CC TMF (∆T =100-850◦ C ∆εmech = 1.1%).

119



Figure 6.14: Glide of dislocations with Burgers vectors b1 and b2 between N-raft
γ′, where n is the lattice spacing and bres is the resultant Burgers vector of b1 and

b2 [135,136].

Microstructural analysis revealed that the N-rafted material failed by a similar

fatigue crack propagation mechanism as the virgin in the T-orientation. That is

fatigue crack propagated via debonded carbides and the grain boundaries as shown

in Figure 6.15.
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Figure 6.15: Propagation of fatigue crack in the N-raft microstructure in the
T-orientation under IP Rε = 0 TMF (∆T = 100− 950◦C ∆εmech = 0.55%).

6.3 P-raft

Within service components P-raft microstructures form in regions near the exterior

surface which is exposed to the high temperature gases and as a result of constrains

associated with the cooler material on the airfoil interior, OP, Rε = −∞ TMF con-

ditions arise. Based on the combination of thermal analysis and component analysis,

the typical conditions where the P-raft microstructure is generated coincide with a

maximum surface temperature of 950◦C. As a result, all P-raft TMF experiments

were conducted with a Tmax=950◦C under OP TMF loadings.

The influence of the P-raft microstructure in the L-orientation on OP TMF is

shown in Figure 6.16. The P-raft microstructure in CC TMF conditions exhibited

a 50% or greater reduction in life when compared to the virgin material for Tmin of
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both 100 and 500◦C. However, with the introduction of a 20 minute compressive strain

hold, the strain-life of the P-raft microstructure was found to increase 100% over that

of the virgin microstructure. Further, the P-raft microstructure is less sensitive to CF

conditions than the virgin microstructure, as the P-raft microstructure only experi-

ences a 10% life reduction over the P-raft CC case with a Tmin=100◦C. This represents

a significant improvement over that of the comparative virgin microstructure results

in which case CF conditions resulted in a 80% life reduction.
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Figure 6.16: TMF life comparison between the P-raft and virgin microstructures
in the L-orientation under OP TMF loading conditions.

For both CC and CF TMF, the positions of the hysteresis curves at half-life for

specimens in the L-orientation stabilized at nearly identical positions in stress-strain

space, as shown in Figure 6.17 and 6.18. In the case of the mean stress of the

virgin microstructure under CF conditions, the mean stress initially increases before

relaxing at a stabilized value by mid-life as shown in Figure 6.18. Coincidently, the

stabilized value of the virgin mean stress is that of the P-raft microstructure. In the

case of the P-raft microstructure the mean stress value was achieved within 2% of
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life. Ultimately, the time over which the mean stress of the virgin CF experiments

spends evolving corresponds to 70 hours of compressive creep exposure which from a

kinetics view (Chapter 4) is sufficient to bring about a P-raft microstructure within

the virgin material comparative to that of the artificially manufactured one as was

shown in Figure 5.20.

(a) (b)

Figure 6.17: OP TMF results for ∆T=100-950◦C comparing the P-raft
microstructure to the virgin under CC conditions in the L-orientation on the (a)

Half-life hysteresis response (b) Mean stress evolution.

(a) (b)

Figure 6.18: OP TMF results for ∆T=100-950◦C comparing the P-raft
microstructure to the virgin under CF conditions in the L-orientation on the (a)

Half-life hysteresis response (b) Mean stress evolution.

Additionally, shown in Figure 6.19 are the P-raft strain-life results of the material
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in the transverse orientation. In the T-orientation the CC P-raft life behavior was

found to follow a similar trend as the L-orientation in a 80% life reduction for a Tmin

of 100◦C and 500◦C. Shown in Figure 6.20 is the half-life hysteresis behavior under CC

TMF conditions. Under CF TMF conditions no distinguishable difference between

the virgin and P-raft microstructures was apparent from the TMF life values. At

this time, a complete set of conclusions on the effects of the P-raft microstructure

in the T-orientation can not be made due to the lack of repeated experiments under

identical conditions to separate the effects of the random secondary grain orientation

from those of the P-raft microstructure.
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Figure 6.19: TMF life comparison between the P-raft and virgin microstructures
in the T-orientation under OP TMF loading conditions.
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(a) (b)

Figure 6.20: OP TMF results for ∆T=100-950◦C comparing the N-raft
microstructure to the virgin under CC conditions in the T-orientation on the (a)

Half-life hysteresis response (b) Mean stress evolution.

The surfaces of the failed gage sections indicate, that failure in the P-raft mi-

crostructure is associated with limited damage within the microstructure in both the

CC and CF cases as shown in Figure 6.21. In contrast, the surfaces of the virgin

material in both the CC and CF cases can be observed to have sustained significant

amounts of damage. Microscopic observation of cracks in the failed P-raft microstruc-

tures confirmed the observations from the gage surface, that primary failure of the

material is associated with a single fatal fatigue crack originating from an oxidation

spike along the interdendritic-dendritic boundary similar to the one shown in Figure

6.22. Further, once propagating along the interdendritic-dendritic boundary is no

longer favorable, the fatigue crack is observed to change direction and propagate in a

near vertical manner along the P-raft-γ channel interface within the dendritic matrix

as shown in Figure 6.23.
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(a)
(b)

(c) (d)

Figure 6.21: Failed gage section surfaces under OP TMF, ∆T =100-950◦C,
∆εmech = 0.8% for (a) Virgin microstructure CC TMF (b) P-raft microstructure CC

TMF (c) Virgin microstructure CF TMF (d) P-raft microstructure CF TMF.

Figure 6.22: Crack propagation through an oxidation spike penetrating into a
interdendritic region within the P-raft microstructure exposed to OP Rε = −∞

TMF conditions (∆T =100-950◦C ∆ε = 0.8%).
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Figure 6.23: Vertical fatigue crack growth occurring within the P-raft
microstructure exposed to OP Rε = −∞ TMF conditions (∆T =100-950◦C

∆ε = 0.8%).
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CHAPTER VII

MICROSTRUCTURE SENSITIVE CONSTITUTIVE

MODELING

The complexity of conditions that hot section service components are exposed to

can not be captured directly laboratory experiments. As a result, constitutive mod-

els bridge the gap and provide component designers with estimates of service condi-

tions. While most crystal viscoplasticity (CVP) models implicitly capture microstruc-

ture dependence through the material parameters, the microstructure morphology is

typically assumed to remain constant. Attempts have been made at capturing mi-

crostructure evolution, but the softening effects the aged microstructure states have

on Ni-base superalloys are not accounted for through the evolution of the model’s

material parameters. This Chapter presents the necessary adaptations and method-

ologies through which the effects of microstructure aging on the constitutive response

can be captured within a temperature-dependent CVP model framework.

7.1 Crystal Viscoplasticity Model Description

The CVP model framework is developed around the assumption that the deformation

gradients associated with elasticity, inelastic deformation, and thermal expansion can

be decomposed through the tensor multiplicative rule [137–139],

F = Fel · Fpl · Fθ (7.1)

as depicted in Figure 7.1. The deformation gradient associated with thermal expan-

sion is directly related to the coefficient of thermal expansion of the material through
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the relation [139],

Fn+1
θ =

1

2

(
exp

(
2

∫ T

To

β(x)dx

))
Fn
θ (7.2)

where, β(T ) is the coefficient of thermal expansion (CTE) of the material as a function

of temperature, and Fn
θ and Fn+1

θ are the thermal strain deformation gradients and

the beginning and end of a finite time step respectively.

Figure 7.1: Multiplicative decomposition of the deformation gradient into elastic,
plastic, and thermal components [137,139,140].

Within the CVP framework, all plastic deformation is assumed accountable through

the inelastic shear on the individual slip planes within a crystal, which arises from

the movement of dislocations on the slip systems. As a result, to uniquely define

the plastic deformation, special relations must be introduced. To relate the plastic

component of the deformation gradient with that of the cumulative inelastic shear

strain rate, the following relation which arises from continuum mechanics arguments

is used [141],

Lp = ḞpF
−1
p =

Nslip∑
α=1

γ̇α (sαo ⊗mα
o ) (7.3)
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where Lp is the material time derivative of Fp , and F−1
p is the inverse of Fp and

sαo is a unit vector in the slip direction, mα
o is a unit vector in the direction normal

to the slip plane, α is a slip system, and γ̇α is the inelastic shear strain rate on slip

system α and Nslip is the number of slip systems. In the case of Ni-base superalloys,

a homogenized face centered cubic structure of twelve octahedral {111}〈110〉, and

six cubic {100}〈110〉 slip systems is assumed, with cubic slip systems only activated

above 750◦C [142].

The rate of inelastic shear strain on each slip system is calculated by [143],

γ̇α = γ̇oΘ(T )

〈
ταv
Dα

〉n1

exp

{
Bo

〈
ταv
Dα

〉n2
}
sgn (τα − χα) (7.4)

which is a power law multiplying an exponential term. The rationale for the two terms

is that the power law term captures the creep regime while the exponential captures

the rate insensitive regime of the deformation [144]. The inelastic shear strain only

becomes active when the viscous overstress,

ταv = |τα − χα|−κα µ
µo

(7.5)

is positive, otherwise the Macaulay brackets, 〈 〉 keeps the flow rule turned off. In

the above, χα is the back stress and κα is the threshold stress on the α slip system.

The drag stress, Dα, is a measure of the flow potential of the material and effectively

accounts for the component of flow resistance than can be overcome by thermal

fluctuation. The reference inelastic shear strain rate, γ̇o is related to the maximum

strain rate associated with the limit on dislocation velocity. The rate insensitive

regime is set by Bo and n2 collectively, while the rate sensitive or creep regime is

determined by n1. The temperature-dependent diffusivity Arrhenius like function,

Θ(T ) is is defined later.
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The drag stress, Dα, is assumed to scale with the shear modulus µ,

Dα = Do
µ

µo
(7.6)

where µo is the shear modulus at 0◦K. The back stress evolution equation is a

Frederick-Armstrong relation with modifications to account for temperature changes

[143],

χ̇α = hχ|γ̇α|−hχd|γ̇α|χα +

(
1

Rχ

∂Rχ

∂T
+

1

hχ

∂hχd
∂T

)
χαṪ − hχsΘχs|χα|rχsχα (7.7)

The back stress is associated with the evolution of the dislocation structure within the

material and has a temperature rate term to allow for consistency in temperature-

dependent loadings [145]. The first term, represents hardening due to dislocations

piling up on obstacles while the second captures the dynamic recovery, which is the

reduction in dislocation density due to annihilation of dislocations of opposite sign.

As a note, Rχ = hχ
hχd

represents the saturated value of the back stress. The third

term, accounts for the evolution of the back stress due to changes in temperature and

the last term accounts for the static thermal recovery of the back stress during creep

like loadings, which is important for long-term dwells.

The threshold stress is composed of rate-independent and rate-dependent compo-

nents,

κα = καc + καe (7.8)

The rate-independent portion of the threshold stress is given by [146],

καc = κo(T ) + hpeτ
α
pe + hseτ

α
se + hcb|ταcb| (7.9)

where κo captures the temperature-dependent resistance to dislocation movement.

The last three terms of Equation 7.9 capture the non−Schmid effects that result

131



in an increased resistance of dislocation movement through the γ′ precipitates prior

to dislocation looping, with the strongest effects occurring in the neighborhood of

750◦C [147]. Additionally, the functional form of Equation 7.9 captures the anomalous

increase in yield strength as temperature is increased [146,148,149]. The καe term in

Equation 7.8 evolves according to a competition between dislocation storage, hκ,

rearrangement, hκd, and annihilation mechanisms, hκs,

k̇αe = hkΣq
αβ|γ̇β|−hkdkαe Σ|γ̇β|−hksΘkαe (7.10)

Lastly the diffusivity parameter in Equation 7.4 and 7.10 is defined,

Θ(T ) =


exp

(
− Qo
RT

)
..............................T ≥ Tm

2

exp
(
− 2Qo
RTm

[
ln
(
Tm
2T

+ 1
]))

......T ≤ Tm
2

(7.11)

where Qo is the activation energy for thermally activated dislocation bypass of ob-

stacles and linked to the self diffusion of nickel in the alloy, R is the universal gas

constant, and Tm is the absolute melting temperature of the alloy.

7.2 Microstructure Sensitive Adaptations

7.2.1 Microstructure Sensitive Material Parameters

In capturing the influence of aging on the mechanical response of a Ni-base super-

alloy, parameters in the CVP model require extension to microstructure-sensitivity.

Specifically, in calibrating the CVP model for the aged microstructure, the material

parameters κo in the threshold stress (Equation 7.9) and Rχ and hχ in the backstress

evolution (Equation 7.7)were found to be most sensitive to the aged microstructure

states and were the material parameters used to capture the effects of aging on the

constitutive response in this work. In full generality, the definition of a microstructure-

sensitive parameter at a given material point requires knowledge of the temperature,
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volume fraction of each phase, the compositions of each of the phases and a geometric

measure of the morphology of each of the phases. In mathematical terms the generic

microstructure-sensitive material parameter in the CVP model can be given by,

A = A(T, Vf (T ),Mi(T, c
β
i )) (7.12)

where Vf (T ) is the temperature dependent volume fraction of phase i, M the geometric

measure of the morphology of phase i, and cβi the composition of elemental species

β in phase i at a given material point. While providing the necessary information

to fully describe the material parameters is feasible for binary and ternary systems,

the requirements for industrial alloys is highly complex and simplifying assumptions

must to be made.

In implementing microstructure-sensitivity in the CVP model for Ni-base super-

alloys with the objective of describing the influence of directional coarsening, the

following assumptions are made about the microstructure:

1) The γ − γ′ volume fraction remains constant throughout thermomechanical

exposure of the models calibration range. This being reasonable with only a

10% error over the 20-1050◦C temperature range [150].

2) Only the γ and γ′ control the mechanical behavior of the material. In modern

Ni-base superalloys, ≈ 98% of the alloy’s volume fraction is either γ or γ′.

3) The chemical composition of each of the phases is assumed uniform throughout,

such that the dendritic and interdendritic regions are chemically identical.

4) The morphology of the γ − γ′ microstructure is representable by an idealized

cuboidal morphology.

As a result of these assumptions, the generic microstructure-sensitive material

parameter is reduced to A = A(T,M(T )). In developing a mathematical definition
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for M, a representative geometric microstructure morphology is adopted. In the case

of modern cast Ni-base superalloys, the γ − γ′ microstructure can be idealized by

the cuboidal unit cell as shown in Figure 4.12. The secondary γ′, located in the γ

channels between the primary γ′, in cast Ni-base superalloys are often short lived

once the microstructure begins to undergo thermomechanical exposure [19] and are

ignored in this construction.

From this idealized microstructure, the geometric measures can be associated

with the lengths of the γ′ cuboid sides and the widths of the γ channels separating

γ′ cuboids from one another. In the initial as heat treated configuration, the widths

of all γ channels are assumed equivalent, i.e. wo[001] = wo[100] = wo[010]. Further, the γ′

precipitates are assumed to be initially perfect cubes, with an initial cube length of

Lo.

As has been discussed in Chapter 4, the periodicity and changes in both the γ

channels and γ′ precipitate size are linked to one another through the evolution ki-

netics of the microstructure. While there are six direct measures that characterize

the γ − γ′ microstructure, three being the side lengths of the γ′ precipitate cuboids,

and the other three being the width of the γ channels in each of the crystallographic

directions, only two measures from each of the phases is required to uniquely define

the microstructure state. This is based on the kinetic linkages of between all the

microstructural dimensions. Further, because of the geometric relationships the di-

mensions share in the periodic cell, only two dimensions are required for uniquely

determining the value of a microstructure-sensitive parameter.

In this work, the measure of the γ channel widths in the [001] and [100] orientations

or h[001] and h[100] are used. The directions following the definitions as shown in Figure

4.12. The evolution of aging is characterized by the dimensionless γ channel widths,

η =
h[001] − ho[001]

ho[001]

(7.13)
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and

ζ =
h[100] − ho[100]

ho[100]

(7.14)

where, ho[001] and ho[100] are the initial widths of the γ channels in the [001] and [100]

crystallographic reference frame. And h[001] and h[100] are the widths of the γ channels

in the [001] and [100] crystallographic directions at some time t after thermomechani-

cal exposure. In the case of N-rafts, the expectation is that the γ channel increases in

width in the [001] direction and contract in the [100] direction, hence η > ζ. Likewise,

for P-rafts the γ channel to increase in width in the [001] direction, ζ > η as shown in

Figure 4.12. For stress-free coarsening η = ζ > 1. Arising from the above definitions,

the generic microstructure function M can now be replaced by η and ζ to define the

generic material parameter as

A = A(T, ζ, η) (7.15)

where the variables follow the definitions given previously.

To define the virgin material parameters in the CVP model, temperature depen-

dent polynomials were used. This was initially done by Shenoy et al. [142] to ensure

the uniqueness and smoothness of the material parameter values and their associated

derivatives. In expanding the mathematical functions that describe the material pa-

rameters to three variables, T, η, and ζ, polynomials will be used. Polynomials still

offer the greatest flexibility and ease for implementation. In further describing the

generic material parameter, a multiplicative polynomial decomposition given by,

A(T, η, ζ) = AT (T )Aη(T, η)Aζ(T, ζ) (7.16)

is proposed. The temperature dependent functions AT , Aη, and Aζ are polynomial

functions of a single variable. The benefit of the multiplicative form is ease by which

differentiation via the chain rule can be carried out.
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In the specific cases of Rχ and hχ the temperature-dependent derivatives are

required for the back stress evolution equation. Using Rχ as an example, Equation

7.16 becomes,

Rχ(T, η, ζ) = RT (T )Rη(T, η)Rζ(T, ζ) (7.17)

Applying the chain rule, the temperature-dependent derivative of Rχ is given by,

∂Rχ

∂T
=
∂RT

∂T
RηRζ +

∂Rη

∂T
RTRζ +

∂Rζ

∂T
RTRη (7.18)

Assuming that the functions Rη and Rζ are continuously decreasing functions of the

form,

Rη = 1− cη(T )η (7.19)

and

Rζ = 1− cζ(T )ζ (7.20)

which accounts for the softening of the material during aging [107], where cη(T ) is

the temperature dependent polynomial associated with, the partial derivatives ∂Rη
∂T

and
∂Rζ
∂T

can further be expressed as,

∂Rη

∂T
= −∂cη(T )

∂T
η (7.21)

and

∂Rζ

∂T
= −∂cζ(T )

∂T
ζ (7.22)

After substitution of the derivatives, Equation 7.18 becomes,

∂Rχ

∂T
=
∂RT

∂T
RηRζ −

∂cζ(T )

∂T
ζRTRη −

∂cη(T )

∂T
ηRTRζ (7.23)
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7.2.2 Backstress Evolution Equation Modifications

The CVP model as implemented by Shenoy et al. [142], was developed with the intent

of capturing the as-heat treated constitutive response. In the as-heat treated state,

the internal misfit stresses within the γ − γ′ microstructure are initially equivalent

throughout [111]. However, with the occurrence of aging in the γ−γ′ microstructure,

select components of the internal misfit stresses begin to relax, while others increase.

In terms of the cyclic constitutive response, aging results in a reduction in the stress

at which the material begins to yield. This can most likely be attributed with the

manner in which dislocations selectively conglomerate on the γ − γ′ interfaces in the

aged state [111]. Through modification of the back stress this aging effect can be

captured,

χ̇α = hχ|γ̇α|−hχd|γ̇α|χα +

(
1

Rχ

∂Rχ

∂T
+

1

hχ

∂hχd
∂T

)
χαṪ−

hχsΘχs|χα|rχsχα + hmssgn(χα)|χα|a (7.24)

The back stress evolution equation differs from that of the one in Equation 7.7 through

the addition of the term hmssgn(χα)|γ̇α||χα|a. This term can be considered similar

to ones used to capture internal stress effects associated with dislocation pileups,

bowed segments, and curved subgrain boundaries in braze alloys [151]. While this

parameters is capable of capturing the effect of the internal misfit stresses under

isothermal conditions, the temperature and rate dependence cause the parameter to

become numerically unstable. As a result, the parameter was not used further in this

work.

137



7.3 Crystal Viscoplasticity Model Implementation

The CVP model utilized in this work is an adapted version of the CVP model im-

plemented as an ABAQUS User MATerial (UMAT) subroutine in the Fortran pro-

gramming language by McGinty [152] and modified by Shenoy [142, 153] for the DS

Ni-base superalloy GTD-111. The continuum equations used in the implementation

are described by hyperelastic formulation was used, valid for small strains, i.e less

than 5%.

Implicit Newton-Raphson solvers are more difficult to implement than explicit,

however the implicit solutions are generally more accurate and stable [154]. A down-

side in solving crystal plasticity equations with the implicit method is that the solution

may be slow to converge. To overcome this, a line search algorithm that subincre-

ments the time step is used. This is discussed elsewhere [152, 155]. This method is

more robust than the explicit method since it, in theory, can take very large steps

in time and strain and still converge to an accurate solution. The accuracy of the

method however increases the computational demands over the other methods.

Generally speaking, there are five different starting points for the implicit method,

which uses a predictor-corrector scheme where a prediction of the stress required to

obtain a particular strain is generated [156]. These are shown in Figure 7.2 which also

shows the order of updating the prediction. The symbol S in this case represents the

second Piola-Kirchoff stress. The Piola-Kirchoff stress can be found from the Cauchy

stress, σ by,

S = J · F−1 · σ · F−T (7.25)

where J is the Jacobian, F−1 is the inverse of F, and F−T is the transpose of F−1.

The most common starting points are Fe, Fp, S, or γ̇α, and should result in identical

solutions. However in choosing a starting point one must consider that the Jacobian

matrix will need to be inverted when using the Newton-Raphson method, and that
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the equations may be more or less difficult to evaluate. However starting with γ̇α

produces much better stability since there are small variations in stress associated

with variations in γ̇α as it gets larger. The inverse is true for the other three, which

results in less stability [156].

Figure 7.2: CVP model implementation adapted from [156].

7.3.1 Intergranular Interactions

In capturing the interactions between multiple grains within a polycrystal, the grains

can be modeled explicitly with finite elements or implicitly at each integration point

through averaging techniques such as the Sachs or Taylor averaging methods [157,158].

The Taylor constraint assumes that the deformation gradient experienced by each

grain is the same as depicted in Figure 7.3. Within the CVP model framework the

Taylor approach captures the aggregate Cauchy stress through averaging,

σ̄ =
N∑
k=1

v(k)σ(k) (7.26)
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where, σ(k) denotes the Cauchy stress acting on each grain and v(k) is the volume

fraction of each grain [159]. When all the grains have equal volume, the averaged

stress, σ̄, is given as

σ̄ =
1

N

N∑
k=1

σ(k) (7.27)

Figure 7.3: Taylor averaging method used within the CVP model to predict
off-axis responses of DS materials and polycrystals.

Under cyclic loading, lattice rotation may be insignificant, but in the presence of

creep or cyclic ratcheting, lattice rotation may build up at sites of stress concentration

such as grain boundaries. For the purposes of material parameter calibration, the

effect of creep and strain ratcheting are minimal in the calibration experiment. The

cubic material parameters are assumed active under transverse loading conditions and

are calibrated through utilizing the Taylor averaging option with a single element.

As will be discussed later, this approach is convenient for obtaining a first order

approximation of smooth bar results in that a single element can be used. The use of

the Taylor averaging shown must be used judiciously as the Taylor method is known
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to over predict the degree of texture [160, 161]. However, the Taylor method is still

simpler than explicitly modeling each grain individually.

7.4 Material Parameter Determination

7.4.1 CVP Model Calibration Experiments

For the accurate calibration of a temperature dependent and microstructure-sensitive

CVP model, there exists a minimum amount of data. Table 7.1 summarizes the

experimental data requirements for an accurate, complete, microstructure-sensitive,

temperature-dependent calibration of the CVP model, for the simulation of a stable

cyclic hysteresis. Of the requirements, the experimental results used for determining

the elastic constants and the CTE, β can be considered microstructure independent,

as these are primarily controlled by the chemistry of the Ni-base superalloy. To

simulate a generic microstructure state, a set of experimental data from each of the

distinct microstructure morphologies, as-heat treated, stress-free coarsened, N-raft,

and P-raft is required.

Table 7.1: Experimental data requirements for complete calibration of the CVP
model.

Requirement Reason
Elastic modulus in three directions Calibration of the stiffness constants, C11, C12, C44

Thermal strain vs. temperature Calibration of the CTE
Minimum four distinct microstructure morphologies Calibration of microstructure-sensitive parameters

Multiple material directions per microstructure Calibration of octahedral and cubic slip parameters
Large plastic strain range in cyclic response Calibration of internal state variable evolution

Stabilized hysteresis Evolution of internal state variables
Minimum of six temperatures per microstructure Temperature-dependent polynomial creation

Minimum of three strain rates at each temperature Calibration of the strain rate dependent parameters

The need for experimental data from multiple crystallographic directions allows for

the calibration of both the octahedral and cubic material parameters. In addition off-

axis experimental data allows for determining the asymmetry of the elastic constants.

Through selectively choosing the material tested material orientations, the activation

of desired slip systems for easier calibration results. Suggested testing directions for
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SX and DS Ni-base superalloys are presented in Tables 7.2-7.3, respectively.

Table 7.2: Active slip systems in SX Ni-base superalloy based on crystallographic
orientation.

Direction Reason
[0 0 1] 8 octahedral slip systems active
[0 1 1] 4 octahedral slip systems active, 4 cubic slip systems mildly active
[1 1 1] 6 octahedral and 3 cubic slip systems active
[1 2 3] Single slip system active

Table 7.3: Active slip systems in DS Ni-base superalloy based on crystallographic
orientation.

Direction Reason
L Only octahedral slip systems active
T Both octahedral and cubic slip systems active
45 Both octahedral and cubic slip systems active

Concerning the cyclic behavior, capturing a significant amount of plasticity in

addition to the stabilized hysteresis at a given isothermal temperature is crucial for

the calibration of the CVP model. A significant amount of plasticity is required to

properly capture the saturated state of the material. Typically low cycle fatigue tests

used in the fatigue life prediction of Ni-base superalloys contain inelastic strain ranges

less than 0.2%; such small plastic strain ranges contain insufficient information on the

evolution of the internal state variables. To ensure capture of the material’s saturated

state, a minimum inelastic strain range of 0.4% was used.

Ni-base superalloys are rate dependent at 750◦C and above, and therefore multiple

strain rates are required in the calibration dataset. At these temperatures a minimum

of three strain rates spanning three orders of magnitude are required to accurately

predict the strain rate dependence of a Ni-base superalloy. While below 750◦C, Ni-

base superalloys are strain rate insensitive and only a single strain rate is required to

determine the deformation response.
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Table 7.4: CVP model isothermal calibration experiments.

Material Oirentation Hold Time [min] Strain Range [%] Temperature [◦C]
L — 2.0 20
L — 2.4 650
L 90 2.4 750
L 90 2.0 850
L 90 2.0 950
L 90 2.0 1050
T 90 1.6 750
T 90 1.4 950

To obtain the necessary temperature information while minimizing the number of

calibration experiments at an isothermal temperature, a test profile was developed as

shown in Figure 7.4. Within the efficient calibration experiment are blocks of five cy-

cles at strain rates 10−2 and 10−3 1
s

respectively, followed by a single compressive strain

hold closing with a creep-fatigue interaction cycle at a strain rate of 10−4 1
s
. Within

the strain rate sensitive temperature regime (T ≥ 750◦C), most Ni-base superalloys

become cyclically stable within a short period, as such five cycles are deemed sufficient

to capture the stable response at a given strain rate [162]. For temperatures below

750◦C where Ni-base superalloys are rate independent, conducting the experiment at

a constant strain rate ( 10−2 1
s
) until a stabilized hysteresis is obtained is acceptable.

With the given strain ranges, this typically occurs within the first few hundred cycles.

Overall, each isothermal calibration experiment requires approximately six hours of

machine time, making the experiments highly efficient from a test system usage.
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Figure 7.4: Strain history for efficient calibration experiment in the strain rate
sensitive regime.

7.4.2 Single Element RVE

For smooth bar specimens like the one shown in Figure 3.2, a single element model

is sufficient to model the macroscopic anisotropic response. The simulations are

performed in displacement control, which effectively simulates uniaxial mechanical

strain-controlled experiments. A single quadratic C3D8 brick element is utilized under

the assumption that four-fold symmetry is applicable within the gage section. The

boundary conditions applied to this single element are such that four-fold symmetry

is assumed to exist within the gauge section as shown in Figure 7.5 where the arrows

indicate the degree of freedom(s) that exist at each node. To simulate loading of

the material, the top surface is displaced. When simulating the off-axis response of

the material, a single element is still used in conjunction with the Taylor averaging

approach. To adequately capture the multigrain response with the Taylor averaging

technique, six grains were used for the T-orientation with the angles listed in Table

7.5. The angles are described using the Roe convention as shown in Figure 7.6. With
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the Roe convention, the first rotation (φ1) is about the global Z-axis, the second

rotation (ψ) is about the new local Y-axis, and the final rotation (φ2) is about the

new local Z axis.

Figure 7.5: Single element RVE used in predicting smooth bar mechanical
response depicting the boundary conditions. The arrows indicate a degree of

freedom at each node.

Table 7.5: Euler angles used in the Taylor approximation for the T-orientation.

φ1 ϕ φ2

90 0 0
90 15 0
90 30 0
90 45 0
90 60 0
90 75 0
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Figure 7.6: Euler angle Roe convention used in the CVP model.

7.4.3 Parameterization

As a result of the interdependencies amongst the material parameters, an efficient cal-

ibration of the material parameters requires a order of parameterization that at times

by passes the material parameters appearance in the evolution equations (Equations

7.4-7.10). Shown in Figure 7.7 are three tiers of parameters; microstructure-sensitive,

temperature-independent, and isothermal parameters with the hierarchy occurring in

that order. This optimal parameter path is developed based on the influence each

parameter has on one another, in conjunction with the net effect on the simulated

material response.

As an overview to the calibration process that is discussed in detail in the follow-

ing sections, the isothermal parameters for each microstructure at each temperature

are determined though an iterative process with the temperature-independent pa-

rameters. Once a satisfactory set of parameters is obtained at each of the isothermal

temperatures, the final phase is determining the coefficents of the microstructure-

sensitive polynomials.

Distinguished in parameter determination process are the material parameters
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that are temperature-dependent (left side of Figure 7.7) and those that require a

range of temperatures to properly calibrate (right side of Figure 7.7) per each mi-

crostructure. Beginning the iterative process, not all material parameters can be

given a initial null value due to the formulation of the CVP model equations. Given

in Table 7.6 are the starting values of the material parameters used in the calibration

of the CVP model in this work.

Figure 7.7: Iterative procedure used for the calibration of material parameters in
the CVP model.
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Table 7.6: Initial material parameters used in CVP model calibration.

hχ Do Qo γ̇o Bo n2

[MPa] [MPa] [ J
molK

] [1
s
] — —

1x109 100 400 1x1013 0.05 5

7.4.3.1 Isothermal Parameter Determination

Elastic Constants In calibrating these parameters one must be aware, that al-

though Young’s modulus and Poisson’s ratio often measured in uniaxial experiments,

the CVP theory is framed in terms of the stiffness constants C11, C12, and C44, as

such relations between them are required and are dependent on the ordering of the

material. For the generic cubic material system, the stiffness matrix is given by,

C =



C11 C12 C12 0 0 0

C12 C11 C12 0 0 0

C12 C12 C11 0 0 0

0 0 0 C44 0 0

0 0 0 0 C44 0

0 0 0 0 0 C44


(7.28)

with the conditions on the stiffness constants being C44 > 0, C11 > |C12|, and C11 +

2C12 > 0 [163]. The constants C11, C12, and C44 should all be determined through

experimentation, and checked to ensure they exhibit the trends consistent with Ni

and other Ni-base superalloys. Generally, the values of the elastic constants vary

minimally from one Ni-base superalloy to another [164,165].
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Coefficient of Thermal Expansion Concerning the CTE, β, the material’s ther-

mal strain is related to the CTE according to the secant definition,

εth = β(T − To) (7.29)

where both the thermal strain and the CTE are functions of temperature. With most

Ni-base superalloys, a second order polynomial (εth = M0 +M1X+M2X
2) is sufficent

to fit the thermal strain, such that,

dεth

dT
= β + 2

dβ

dT
(T − To) (7.30)

where, M1 and M2 are the coefficients of the second order polynomial. Upon solving

the above differential equation and evaluating with Equation 7.29, the CTE can be

defined as,

β = M1 +M2 (T − To) (7.31)

Yield Phenomena The first parameter that requires determination is that of the

threshold stress, κo at the given isothermal temperature. Given that the value of

the yield stress, σo is known from the initial cycle of the calibration experiment, an

initial approximation for κo can be determined knowing that inelastic deformation

does not become significant until the quantity ταv
Dα

in Equation 7.4 is equivalent to 1.

Substituting, Equation 7.5 and 7.6 into this equality, the following is obtained,

κo =
µo
µ

(
σo
M
−Do

µ

µo

)
(7.32)

where, M is the Taylor factor. In the case of a DS Ni-base superalloy, if one assumes

the material is entirely FCC, the Taylor factor, M=1.73 [166].

For Rχ, an estimate can be developed considering the saturated value of the back
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stress (χ̇α = 0), where Equation 7.7 can be rearranged to yield χα=Rχ. Through

substitution of the prior result into Equation 7.5 and subsequent substitution of the

resultant into the equality ταv
Dα

=1, an approximation for Rχ based on the current value

of κo can be obtained,

Ri
χ =

σsat
M
−
(
Dα + κio

µ

µo

)
(7.33)

where σsat is the maximum stress of the cycle, and κio is the current approximate of

the threshold stress being used in the calibration at a given temperature.

Due to the interdependencies of κo and Rχ iterative adjustments to each of the

material parameters is required to generate a hysteresis curve with the desired yield

point and saturation level. At this step in the calibration, the saturated values for the

tensile/compressive stress may not exhibit the desired tension/compression asymme-

try. Accounting of this phenomena is done through the non-Schmid parameters for

later in the calibration process, as these parameters have a minimal influence on the

other parameters.

Hardening Phenomena Next in the efficient path is determining the hardening

parameters. Considering that for high strain rates (≈ 10−3 1
s
) the creep portion of the

flow equation (Eqaution 7.4) has minimal influence on the result, Equation 7.5 can be

substituted into the flow equation and rearranged to result a function for estimating

n2,

n2 =
ln
(
ln(γ̇α)−ln(γ̇oΘ)

Bo

)
ln
( σsat

M
−Rχ−κo µ

µo

Dα

) (7.34)

Similarly, n2 can be estimated through the plotting of the saturation stress obtained

from experiments in the fatigue regime versus the strain rate on a log-log plot and

fitting a trend line through the data, where the exponent of the trend line gives an

approximate value for n2 as shown in Figure 7.8.

Next to be determined is the rate of hardening parameter, hχ. The value of hχ is
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Figure 7.8: Determination of the hardening exponent, n2 through fitting of a
power law trend line to experimental data.

determined through a slow reduction from the highly saturated quantity (1x109MPa)

used during the initial calibration of Rχ until the hardening behavior of the hysteresis

loop is approximately correct. Once a good approximation for hχ is known, a check

for the accuracy of Rχ and κo should be conducted, with additional iterations of the

two parameters as needed to ensure overall good fits to the experimental data.

Non-Schmid Factors The non-Schmid terms account for tension/compression

asymmetries that some Ni-base superalloys have been known to exhibit at temper-

atures below the anomalous point. In the case of CM247LC-DS, these parameters

were only required at 750◦C. The net effect of the non-Schmid parameters is that

hcb increases the size of the yield surface, hpe and hse shift the yield surface in stress

space.

Creep Within the CVP model, the long-term rate dependence of the material is

influenced through three different locations: the exponent of the power-law term in the

flow equation (Equation 7.4), the parameters hχs, rχs in the thermal static recovery
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term in the back stress (Equation 7.7), and hκs in the static thermal recovery term

in the threshold stress evolution (Equation 7.10). To calculate these terms, stress

relaxation data from the calibration experiments is used. For CM247LC-DS, n1 was

found to be related to n2 through the relationship n1 = n2 − 1.

7.4.3.2 Temperature-Independent Parameter Determination

The last of the material parameters to be determined in the iterative process are the

temperature independent parameters γ̇o, Do, Bo and, Qo. Of these four parameters,

the reference inelastic shear strain rate, γ̇o and the activation energy for self diffusion

of Ni in the matrix, Qo, are highly coupled at low and intermediate temperatures such

that a change in one, requires compensation in the other to assure that the constitutive

model remains within the domain of stability as far as the material parameters are

concerned. To assure this balance, a set of coupled temperature-dependent iterative

functions is derived,

γ̇i+1
o = γ̇ioexp

(
Qi+1
o −Qi

o

ψi

)
(7.35)

ψi(T ) = γ̇ioΘ(T ) =


γ̇ioexp

(
− Qio
RT

)
..............................T ≥ Tm

2

γ̇ioexp
(
− 2Qio
RTm

[
ln
(
Tm
2T

+ 1
]))

......T ≤ Tm
2

(7.36)

where i+1 is the new estimate and i the previous one of the material parameters.

For the initial value of γ̇o, i.e. γ̇1
o , the parameter was calibrated to the experimental

data from 1050◦C while leaving Qo unchanged. To determine γ̇1
o , the rate equation

was plotted on a log-log plot of the viscous shear stress versus the inelastic shear

strain rate and iteratively adjusted until the simulated data corresponded to the

experimental data as shown in Figure 7.9.

For the initial approximation of Qo, the value of a Ni-base superalloy that is a close

derivative of the one of interest is an appropriate starting point and often available
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Figure 7.9: Calibration of γ̇io to experiential data at 1050◦C.

in the literature [73, 167]. In proceeding through the iterative process of Equations

7.35-7.36, the values of Qo and γ̇o were modified until the isothermal lines at each

temperature capture the strain rate dependence as shown in Figure 7.10. Bo was

determined such that the rate insensitive regime of the rate equation matches the

behavior of the data as well as possible for the lower temperatures as shown in Figure

7.10. Higher temperatures (> 900◦C) can be used; however, in many instances, Ni-

base superalloys may not be observed entering the rate insensitive regime. The drag

stress Do was determined through fitting the rate equation to the experimental data

in the rate insensitive regime of the flow equation at higher temperatures (> 900◦C).

7.4.3.3 Microstructure Sensitive Temperature Dependent Interpolation Function
Creation

Once all isothermal and temperature independent material parameters for each mi-

crostructure were determined, the microstructure-sensitive temperature-dependent

interpolation functions of the form discussed previously,

A = AT (T ) (1− cη(T )η) (1− cζ(T )ζ) (7.37)
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Figure 7.10: Calibration of Qo, Do, and Bo after iteration.

were fit. To reiterate an earlier statement, the effects of aging on the constitutive

response were found to be adequately captured through the parameters Rχ, hχ, and

κo. As a result, the virgin material parameters were satisfactory for capturing the

aged response. As will be discussed later, a exception to the polynomial rule is hχs.

In determining the coefficients of the interpolating polynomials in Equation 7.37, first

determined was the temperature dependent virgin material polynomial, AT properties

followed by cη and cζ .

With exception to hχ, a single polynomial was capable of capturing the temperature-

dependence of the material parameters. Because of anomalous yield behavior exhib-

ited by Ni-base superalloys, a rapid increase followed by a decrease in the value of hχ

prohibits a single interpolating polynomial from adequately capture the trend. As a

result two polynomials must were spliced together while maintaining both C0 and C1

continuity at the transition point between them. First order continuity is required

because of the derivative of hχ being used in the back stress evolution equation in ad-

dition to the primary function. The splicing of the polynomials was achieved through

first fitting a higher order interpolating polynomial (4th order or higher) to the high
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temperature regime (650-1050◦C). Obtaining an adequately behaved polynomial in

the high temperature regime required a polynomial of order greater than available

isothermal data points. As a result, data points for fitting the polynomial at interme-

diate temperatures were introduced. The added data points were obtained through

linear interpolation of the calibrated isothermal values.

To determine the low temperature polynomial, a constrained equations approach

was used to impose the necessary continuity conditions and solve for the polynomial’s

coefficients. Following this approach, four conditions were prescribed to obtain a third

order polynomial. The conditions used were the equivalence of hχ (C0) and corre-

sponding derivate (C1) at the splice point, the value of hχ at 20◦C, and dhχ
dx
|T=20◦C= 0.

The constrained set of equations is given by,



hχ|T=T1

hχ|T=T2

dhχ
dx
|T=T1

dhχ
dx
|T=T2


=



T 3
1 T 2

1 T1 1

T 3
2 T 2

2 T2 1

3T 2
1 2T1 1 0

3T 2
1 2T2 1 0





a3

a2

a1

a0


(7.38)

where T1 is the minimum temperature (20◦C), while T2 is the temperature at the

splice point. In the case of the calibration performed, the splice point was set to

617◦C and a 6th order polynomial used to represent the higher temperature regime

polynomial as depicted in Figure 7.11.

For nearly all the temperature-dependent material parameters, polynomials or

groups thereof are well suited, the lone exceptions being the creep parameter in the

back stress hxs which is fit to exponentials; hxs = e


n∑
i=1

aiT
i


. This functional

form is better suited because creep is an activation process that typically exhibits

a exponential dependence on temperature. Once the interpolation functions were

generated for all the material parameters, a check of the accuracy of the functions
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Figure 7.11: Comparison of the spliced polynomials to the values of hχ determined
through isothermal fitting, where C0 and C1 continuity is maintained at the

transition from the solid to the dotted line.

was done and compared to the isothermal experimental data for each microstructure.

7.4.4 Material Parameters

Following the calibration approach presented above, the resulting material parameters

are presented in Tables 7.7-7.11. In addition, the resultant isothermal calibration fits

are provided in Figures 7.12-7.18. Generally, good arrangement is obtained between

each of the experimental isothermal data sets and the CVP model for each microstruc-

ture. The greatest deviations occur between the CVP model and the calibration data

sets at 750◦C for all microstructures and 850◦C for each of the aged microstructures.

In the case of the aged microstructures, the primary difference between the as-heat

treated constitutive behavior and the aged behavior is that the aged microstructures

begin yielding on the reversal while in macroscopic compression. This being the result

of relaxation of internal stresses in the γ − γ′ microstructure.
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Table 7.7: General microstructure insensitive material parameters.

(a) General Temperature-dependent Material Constants
Temperature C11 C12 C44 n1 n2 µ

[C] [MPa] [MPa] [MPa] [MPa]
20 341000 250000 127000 7 6 127000
650 219000 144000 104000 7 6 104000
750 199000 128000 99000 7 6 99000
850 178000 112000 93000 6 5 93000
950 157000 97000 87500 6 5 87500
1050 135000 81500 81000 6 5 81000

Review of Effect of

Post-solutionizing Cooling Rate on Low Cycle Fatigue Behavior of Nickel base
Superalloy By Mehta, Mitra, and Chawla

(b) General Temperature-independent Material Constants

Do Qo γ̇o Bo

[MPa] [ J
molK

] [1
s
]

100 400 1x1013 0.05

Table 7.8: CVP material parameters for DS Ni-base superalloy in as-heat treated
state.

(a) Octahedral Slip System Constants, Initial Conditions: χα(0) = 0, καe (0) = 0
Temperature hχ Rχ κo hχs rχs hpe hcb hse

[C] [MPa] [MPa] [MPa]
20 160000 75 30 0.0 0.0 0.0 0.0 0.0
650 450000 110 55 0.0 0.0 0.0 0.0 0.0
750 500000 120 85 2.8x108 2 0.15 -0.25 0.03
850 440000 115 40 4.3x1010 2 0.0 0.0 0.0
950 160000 100 30 1.8x1012 2 0.0 0.0 0.0
1050 45000 50 10 2.2x1013 2 0.0 0.0 0.0

(b) Cubic Slip System Constants, Initial Conditions: χα(0) = 0, καe (0) = 0

Temperature hχ Rχ κo hχs rχs
[C] [MPa] [MPa] [MPa]
750 310000 110 150 2.8x108 2
950 10000 80 15 1.8x1012 2
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Table 7.9: CVP material parameters for DS Ni-base superalloy in isotropically
coarsened state.

(a) Octahedral Slip System Constants, Initial Conditions: χα(0) = 0, καe (0) = 0

Temperature hχ Rχ κo
[C] [MPa] [MPa] [MPa]
20 160000 75 30
650 450000 110 55
750 250000 110 75
850 150000 80 15
950 110000 80 10
1050 45000 50 5

(b) Cubic Slip System Constants, Initial Conditions: χα(0) = 0, καe (0) = 0

Temperature hχ Rχ κo
[C] [MPa] [MPa] [MPa]
750 25000 90 90
950 6500 40 5

Table 7.10: CVP material parameters for DS Ni-base superalloy in N-Raft state.

(a) Octahedral Slip System Constants, Initial Conditions: χα(0) = 0, καe (0) = 0

Temperature hχ Rχ κo
[C] [MPa] [MPa] [MPa]
20 100000 45 20
650 450000 110 55
750 250000 120 75
850 90000 80 40
950 75000 75 30
1050 45000 50 10

(b) Cubic Slip System Constants, Initial Conditions: χα(0) = 0, καe (0) = 0

Temperature hχ Rχ κo
[C] [MPa] [MPa] [MPa]
750 310000 110 150
950 10000 80 15
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Table 7.11: CVP material parameters for DS Ni-base superalloy in P-Raft state.

(a) Octahedral Slip System Constants, Initial Conditions: χα(0) = 0, καe (0) = 0

Temperature hχ Rχ κo
[C] [MPa] [MPa] [MPa]
20 160000 75 30
650 450000 110 55
750 410000 120 85
850 350000 110 40
950 130000 70 20
1050 45000 50 10

(b) Cubic Slip System Constants, Initial Conditions: χα(0) = 0, καe (0) = 0

Temperature hχ Rχ κo
[C] [MPa] [MPa] [MPa]
750 310000 110 150
950 90000 70 5
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(a) (b)

(c) (d)

Figure 7.12: Comparison of the experimental isothermal hysteresis response of the
virgin microstructure in the L-orientation to the CVP calibration results at (a)

650◦C (b) 750◦C (c) 850◦C (d) 950◦C.

(a) (b)

Figure 7.13: Comparison of the experimental isothermal hysteresis response of the
virgin microstructure in the T-orientation to the CVP calibration results at (a)

750◦C (b) 950◦C.
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(a) (b)

(c) (d)

Figure 7.14: Comparison of the experimental isothermal hysteresis response of the
isotropically coarsened microstructure in the L-orientation to the CVP calibration

results at (a) 650◦C (b) 750◦C (c) 850◦C (d) 950◦C.

(a) (b)

Figure 7.15: Comparison of the experimental isothermal hysteresis response of the
isotropically coarsened microstructure in the T-orientation to the CVP calibration

results at (a) 750◦C (b) 950◦C.
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(a) (b)

(c) (d)

Figure 7.16: Comparison of the experimental isothermal hysteresis response of the
N-raft microstructure in the L-orientation to the CVP calibration results at (a)

650◦C (b) 750◦C (c) 850◦C (d) 950◦C.

(a) (b)

Figure 7.17: Comparison of the experimental isothermal hysteresis response of the
N-raft microstructure in the T-orientation to the CVP calibration results at (a)
750◦C (b) 950◦C. Note: 750◦C calibration experiment fractured on initial cycle.

162



(a) (b)

(c) (d)

Figure 7.18: Comparison of the experimental isothermal hysteresis response of the
P-raft microstructure in the L-orientation to the CVP calibration results at (a)

650◦C (b) 750◦C (c) 850◦C (d) 950◦C

(a) (b)

Figure 7.19: Comparison of the experimental isothermal hysteresis response of the
P-raft microstructure in the T-orientation to the CVP calibration results at (a)

750◦C (b) 950◦C. Note: 750◦C calibration experiments fractured on initial loading.
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7.5 CVP Model Validation

The model was validated by showing its ability to correctly predict the responses

of several TMF loading histories that had been conducted in the laboratory. TMF

experiments were conducted on the virgin, isotropically coarsened, N-raft, and P-raft

microstructures as discussed in Chapter 5 and 6. Shown in Figures 7.20-7.25 are the

simulated responses in comparison to the experimentally determined ones. In the

virgin state, the CVP model is able to capture the peak stresses and inelastic strain

under CC TMF conditions accurately. In simulating CF TMF conditions, the CVP

model captures the relaxation behavior and inelastic strain of the cycle; however, the

CVP model does not fully account for the reversed yielding that is experimentally

observed to occur during cold portion of the TMF cycle. Similarly, in the aged states,

the CVP model is unable to fully account for the reverse yielding that occurs under

both CC and CF TMF loadings as shown in Figures ??-7.25. However, the CVP

model is able to predict the peak stresses to within 50 MPa of the experimental

response of valid TMF tests, which is within the realm of experimental statistical

similarity for the alloy. Overall, the lack of predictability of the reverse yielding

effects by the CVP model in the aged states, and under CF conditions in the as-heat

treated can be attributed to the lack of inclusion of the back stress modifier term as

discussed in the recommendations sections.
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Figure 7.20: CVP model prediction for half-life hysteresis behavior of isotropically
coarsened microstructure under IP Rε = 0 TMF, 100-750◦C loading conditions.
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Figure 7.21: CVP model prediction for half-life hysteresis behavior of isotropically
coarsened microstructure under IP Rε = 0 TMF, 100-750◦C loading conditions with

20 minute tensile dwell.
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Figure 7.22: CVP model prediction for half-life hysteresis behavior of N-raft
microstructure under IP Rε = 0 TMF, 100-950◦C loading conditions.
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Figure 7.23: CVP model prediction for half-life hysteresis behavior of N-raft
microstructure under IP Rε = 0 TMF, 100-950◦C loading conditions with 20 minute

tensile dwell.
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Figure 7.24: CVP model prediction for half-life hysteresis behavior of P-raft
microstructure under OP Rε = −∞ TMF, 100-950◦C loading conditions.
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Figure 7.25: CVP model prediction for half-life hysteresis behavior of P-raft
microstructure under OP Rε = −∞ TMF, 100-950◦C loading conditions with 20

minute compressive dwell.
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CHAPTER VIII

CONCLUSIONS

The results of this research are as follows:

1. Characterize the kinetics of aging in a Ni-base superalloy

• The microstructure of an IGTE second stage airfoil removed from ser-

vice after 32,000 hours of exposure was metallographically examined.

Observed were isotropically coarsened and N-raft like microstructures in

material near the internal cooling passages, and P-raft like microstruc-

tures in both the platform and outer surface of the airfoil root exposed

to the hot combustions gases. In each case, the γ′ precipitates were

found to be nearly four times the width of the initial γ′ in the as-heat

treated state in their shortest dimension. The width of the γ′ being in-

dicative that the microstructures were in the late stages of coarsening.

• As-heat treated microstructure was artificially aged to produce the

three microstructure states observed in the service component; isotrop-

ically coarsened, N-raft, and P-raft. Isotropic coarsening was observed

to occur over the entire temperature range considered (850-1000◦C).

Similarly, directional coarsening was observed under loads at 900◦C

and 950◦C. However, directional coarsening was observed to be in the

extreme early stages for exposure to 850◦C. Further, the aging char-

acteristics of the microstructure were captured through an analytical

model.

• Experimentally, the elastic modulus was determined to be microstruc-

ture independent within statistical reason, while aging was found to
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have an effect on the yield strength. Overall, aging of the microstruc-

ture resulted in a softening effect with regards to the 0.02% yield

strength, while the 0.2% yield strength of the aged microstructure ex-

hibited similar values to the as-heat treated microstructure in the 20-

750◦C temperature range.

2. Determine the effects of TMF loading conditions on the crack initia-

tion in a DS Ni-base superalloy in the as-heat-treated state.

• Experiments were conducted under both IP and OP TMF conditions

with Tmin of 100◦C and 500◦C, while the Tmax was varied between 750◦C

and 950◦C. Overall, experiments with the Tmin=100◦C were observed

to have a 50-80% reduced TMF life over the TMF life of material ex-

posed to identical mechanical strain amplitudes at the Tmin=500◦C.

Ultimately, due to the lack of observed microstructure evolution and

creep interactions, especially with Tmax=750◦C, the reduction in TMF

life was related to the increase in the elastic properties with decreasing

temperature from 500◦C to 100◦C resulting in an increase in the plastic

strain amplitude.

• Above a threshold mechanical strain amplitude, IP TMF loadings were

life limiting, while below OP TMF loading were. Ultimately this oc-

currence was found to be associated with the fatigue crack propagation

from debonded carbides under IP TMF conditions within the inter-

dendritic regions and along the grain boundaries in the L-orientation.

Additionally, the transition between IP and OP TMF dominance was

determined to vary with both Tmin and orientation.

• TMF life was found to be independent of mean strain. This was deter-

mined through conducting TMF experiments under IP Rε = −1 and
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Rε = 0 as well as OP Rε = −1 and Rε = −∞. While the starting

stresses and strain were different, the half-life, cyclic deformation re-

sponse, and cycles to crack initiation were found to be within typical

variations for TMF experiments conducted with the same temperature-

load phasing and mean strains.

• Creep-fatigue (CF) interactions were found to result in a drastic life

reduction over material exposed to identical conditions under continu-

ously cycled (CC) CC conditions. Under low mechanical strain am-

plitude conditions, microstructures exposed to OP CF TMF condi-

tions were observed to have undergone directionally coarsening, whereas

those exposed to IP CF TMF conditions were not directionally coars-

ened. Sufficient exposure time was not available in the IP CF TMF

experiments to allow for directional coarsening to occur.

• Experiments conducted in the transverse orientation were found to ex-

hibit the same TMF life traits as the longitudinal orientation, except

the primary fatigue crack propagation mechanism was observed to be

transgranular cracking and the life was reduced in comparison to the

L-orientation.

3. Determine the effect of thermally induced microstructure changes on

the cyclic deformation response of a Ni-base superalloy.

• Material in a isotropically coarsened state was found to exhibit a 2x

reduction in life under both CC and CF TMF conditions. Ultimately,

this was determined to be associated with the increase in the size of

the γ′ size resulting in a reduction in the threshold stress to by-pass

the γ′ precipitates at temperatures below 750◦C when compared to the

as-heat treated microstructure.
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• Similar to the isotropically coarsened microstructure, the N-raft mi-

crostructure was also observed to result in a 2x reduction in TMF life

when compared to the as-heat treated TMF behavior. As a result of

the preferential alignment of the γ′ rafts normal to the axis of the ap-

plied load, the γ channels provided a preferred avenue for fatigue crack

propagation.

• Unlike the other aged microstructure states, P-rafts were observed to

be beneficial towards enhancing the TMF life under creep fatigue condi-

tions. When compared to the as-heat treated material a 2x increase was

observed. However, a 2x decrease under CC conditions was also found.

Explaining these findings was the fact that the P-raft microstructure

hindered the movement of dislocations at temperatures above 850◦C

and as a result was able to enhance the lives of material exposed to CF

TMF.

4. Establish a crystal viscoplastic model that captures the influences of

aging on the cyclic behavior of a Ni-base superalloy.

• Microstructure sensitivity was successfully introduced into the CVP

model framework through coupling the influence of the γ′ evolution

and material parameter evolution. Within the CVP model framework

the state of the microstructure was determined through considering the

evolution of the γ channel width.

• Acceptable predictions of TMF responses in the aged state were de-

termined by the CVP model, with the only aspect of the behavior not

being fully captured being the reverse yielding that the aged microstruc-

tures exhibit when undergoing TMF.
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CHAPTER IX

RECOMMENDATIONS

There are several additional research opportunities that could add value and broaden

the findings presented in this study. Listed below are several potential research areas

that could add to the knowledge-base of thermomechanical fatigue crack formation

in Ni-base superalloys in the presence of aged microstructures.

Assess Statistical Life Distribution in the Transverse and Off-Axis Orien-

tation In the L-orientation, the well ordered dendritic structure provided for a low

amount of experimental scatter in the TMF life results. However, for TMF exper-

iments conducted in the T-orientation, the presence of random grain orientations,

grain boundaries, and grain boundary carbides introduced additional scatter in the

TMF life results. As a result, identification of specific trends and effects of TMF load-

ings conditions could not be made. In future work, enhanced testing for determining

the statistical life distribution coupled with modeling the behavior with statistical

volume elements in the transverse and off-axis orientations is proposed.

Advanced Artificial Aging Within this work the γ − γ′ microstructure was suc-

cessfully artificially aged to generate three unique microstructural states. While the

unique artificial states were similar of those found within a service component at the

end of its service life, the actual service component microstructures exhibited a de-

gree of isotropic coarsening 10x that of the artificial aged microstructures. In future

work, it is proposed that alternative aging methods be developed to accelerate the

coarsening within reasonable laboratory time periods.
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TEM Microstructural Analysis In this work only optical and scanning electron

microscopy were utilized to examine the microstructure and provide interpretation

of fatigue mechanisms. Through examining the microstructures with transmission

electron microscopy an understanding of the dislocation movement and interaction

with each of the unique microstructural states under TMF conditions can be de-

termined. This analysis would then provide definitive information determining the

controlling aspects for fatigue crack initiation and propagation through each of the

aged microstructures.

CVP Model Iterative Solver Proposed were modifications to the back stress in

the CVP to capture the effects of aging on the hardening behavior of the material. The

modification to the back stress was found to be unstable when iteratively solving for

a converging solution. In future work, it would be beneficial if the CVP model would

be reformulated with a new numerical solver that provides for enhanced numerical

stability and ability to capture to effects of microstructure aging on the hardening

behavior.

Phase Field Microstructure Model To capture microstructure evolution within

the CVP model, an analytical model was used. While this model was able to capture

the desired microstructure evolution, the model was limited in scope. To further

enhance the capability of the CVP model, the incorporation of a phase field model

similar to the ones developed by Gaubert et al. [168] and Zhou et al. [169] would

be capable of capturing the evolution of the microstructure and interaction amongst

neighboring precipitates would prove beneficial. Through such a phase field model

could also be captured the length effects of the γ′ rafts.

Composition Dependent CVP Model To further enhance the CVP model be-

yond microstructure dependence, the CVP model can be made composition dependent
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through coupling material data packages such as Thermo-Calc and DICTRA to the

CVP model. The added benefit of a compositional dependent CVP model would be

the ability to simulate the effects of diffusional processes that occur in service com-

ponents on the mechanical response of the material similar to the work of Bench et

al. [170] and as a tool through which the optimal alloy chemical composition could

be determined in relation to mechanical performance.

Reduced Order Constitutive Modeling To build upon previous work of Neal

and Neu [171], the addition of microstructure sensitivity to a reduced order model-

ing framework would prove beneficial for service component design. Following the

approach of Neal and Neu, the microstructure sensitive CVP model could be used to

generate a training data set for each unique microstructure as a function of tempera-

ture, strain rate, and loading orientation. Coupled with an artificial neural network,

sets of microstructure sensitive Ramberg-Osgood parameters could then be deter-

mined for use in a reduced order constitutive model. Overall, this reduced order

constitutive model would prove beneficial as a first order estimate for determining

the material’s behavior after extended service life for enhancing component design

life.
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APPENDIX A

COMPRESSION CREEP FRAME MECHANICAL

DRAWINGS
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G., and Portella, P. D., Rafting During High Temperature Deformation
in a Single Crystal Superalloy: Experiments and Modeling in Superalloys 2012
(Huron, E., Reed, R., Hardy, M., Mills, M., Montero, R., Portella,
P., and Telesman, J., eds.), pp. 491–500, 2012.

[108] Epishin, A., Link, T., Nazmy, M., Staubli, M., Klingelhoffer, H., and
Nolze, G., Microstructural Degradation of CMSX-4: Kinetics and Effect on
Mechanical Properties in Superalloys 2008, pp. 725–731, The Minerals, Metals
and Materials Society, 2008.

[109] Carry, C. and Strudel, J. L., Apparent and Effective Creep Parameters in
Single Crystals of a Nickel Base Superalloy-I Incubation Period Acta Metallur-
gica, vol. 25, pp. 767–777, 7 1977.

[110] Carry, C. and Strudel, J. L., Apparent and Effective Creep Parameters in
Single Crystals of a Nickel Base Superalloy-II Secondary Creep Acta Metallur-
gica, vol. 26, pp. 859–870, 1978.

[111] Mughrabi, H., Ott, M., and Tetzlaff, U., New Microstructural Concepts
to Optimize the High-temperature Strength of γ′-hardened Monocrystalline
Nickel-based Superalloys Materials Science and Engineering: A, vol. 234-236,
pp. 434–437, 1997.

[112] Tetzlaff, U. and Mughrabi, H., Can High Temperature Tensile Strength
of Nickel-base Superalloys be Improved by Pre-Rafting? in Intermetallics and
Superalloys, (Morris, D. G. and Gareth, D., eds.), vol. 10, (Weinheim ;
Chichester ; New York), pp. 22–27, EUROMAT 1999, Wiley-VCH, 2000.

[113] Caron, P., Henderson, P., Khan, T., and McLean, M., On the Effects of
Heat Treatments on the Creep Behaviour of a Single Crystal Superalloy Scripta
Metallurgica, vol. 20, pp. 875–880, 1986.

206



[114] Garimella, L., Liaw, P., and Klarstrom, D., Fatigue behavior in nickel-
based superalloys: A literature review JOM Journal of the Minerals, Metals
and Materials Society, vol. 49, pp. 67–71, 1997. 10.1007/BF02914771.

[115] Shah, D. and Duhl, D., The Effect of Orientation, Tempeerature and Gamma
Prime Size on the Yield Strength of a Single Crystal Nickel Base Superalloy in
Superalloys 1984, pp. 105–114, 1984.

[116] Pessah-Simonetti, Caron, M. P., and Khan, T., Effect of a Long-Term
Prior Aging on the Tensile Behaviour of a High-Performance Single Crystal
Superalloy 1998.

[117] Hasselqvist, M. and Moverare, J., Constitutive Behaviour of IN738LC
Under TMF Cycling With and Without Intermediate Ageing in ASME Turbo
Expo 2007, 2007.

[118] Kupkovits, R., Thermomechanical Fatigue Behavior of the Directionally-
Solidified Nickel-Base Superalloy CM247 Master’s thesis, Georgia Institute of
Technology, 2008.

[119] Gordon, A. P., Neu, R. W., and McDowell, D. L., Effect of pre-exposure
on crack initiation life of a directionally solidified Ni-base superalloy Interna-
tional Journal of Fatigue, vol. 31, no. 2, pp. 393 – 401, 2009.

[120] Viswanathan, R., Damage Mechanisms and Life Assesment of High-
Temperature Components. ASM International, 1989.

[121] Boismier, D. A. and Sehitoglu, H., Thermo-Mechanical Fatigue of Mar-
M247: Part 1-Experiments Journal of Engineering Materials and Technology,
vol. 112, no. 1, pp. 68–79, 1990.

[122] Jacobsson, L., Persson, C., and Melin, S., Thermo-mechanical fatigue
crack propagation experiments in Inconel 718 International Journal of Fatigue,
vol. 31, no. 8-9, pp. 1318 – 1326, 2009.

[123] Saxena, A., Nonlinear Fracture Mechanics for Engineers. CRC Press, 1998.

[124] Gell, M. and Leverant, G. R., The Fatigue of the Nickel-Base Superalloy,
Mar-M200, in Single-Crystal and Columnar-Grained Forms at Room Temper-
ature Transactions of the Metallurgical Society of AIME, vol. 242, no. 367-369,
1968.

[125] Leverant, G. R. and M.Gell, The Elevated Temperature Fatigue of a
Nickel-Base Superalloy, MAR-M200, in Conventually-Cast and Directionally-
Solidified Forms Transactions of the Metallurgical Society of AIME, vol. 245,
pp. 1167–1173, 1969.

207



[126] Trexler, M. D. and Jr., T. H. S., Quantitative Characterization of Fea-
tures Affecting Crack Path in a Directionally Solidified Superalloy in Superalloys
2008, 2008.

[127] Karamched, P. S. and Wilkinson, A. J., High Resolution Electron Back-
scatter Diffraction Analysis of Thermally and Mechanically Induced Strains
Near Carbide Inclusions in a Superalloy Acta Materialia, vol. 59, no. 1, pp. 263–
272, 2011.

[128] McHugh, S., Modelling the Thermo-mechanical bBhavior of a Carbide In-
clusion in a Nickel Superalloy Including Residual Stress Effects with a Simple
Finite-element Model Mathematical and Computer Modelling, vol. 14, no. 0,
pp. 933–941, 1990.

[129] Yu-ichi, K., Hidenori, T., and Xinfang, Z., Hybrid System for In-situ Ob-
servation of Microstructure Evolution in Steel Materials Transactions of JWRI,
vol. 41, no. 2, pp. 412–418, 2012.

[130] Kamaraj, M., Rafting in Single Crystal Nickel-base Superalloys- An Overview
Sadhana, vol. 28, pp. 115–128, 2003. 10.1007/BF02717129.

[131] Antolovich, S. D., Baur, R., and Liu, S., A Mechanistically Based Model
for high Temperature LCF of Ni Base Superalloys in Superalloys 1980, pp. 605–
613, TMS, 1980.

[132] Ghosh, R., Curtis, R., and McLean, M., Creep Deformation of Single Crys-
tal Superalloys-Modelling the Crystallographic Anisotropy Acta Metallurgica et
Materialia, vol. 38, no. 10, pp. 1977–1992, 1990.

[133] Strengthening Mechanisms in Crystal Plasticity. Oxford University Press, USA,
2011.

[134] Engler-Pinto, C., Noseda, C., Nazmy, M., and Rezai-Aria, F., Interac-
tion Between Creep and Thermo-mechanical Fatigue of CM247LC-DS in Super-
alloys 1996 (Deye, R. K. D., Anton, D., and Cetel, A., eds.), pp. 319–325,
TMS, 1996.
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