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Synopsis

Single crystal ond polyerystalline specimens of Al, 3.8 wt. % Cu,
0.56 wt. % Mg (7:1, Cu:Mg) and A1, 3.3 wt. % Cu, 1.5 wt. % Mg. (2.2:1,
Cu:Mg) =lloys, aged at 190°C, have been strained at a constent
extension rate, in o tensometer designed to facilitete low temperature
testing. The design of the tensometer and the growth of single crystals
by the strain-cnneal method have been described in deteil.

In the enrly stoges of zgeing, material conteining GPB zones was
found to ﬁsform in a sinilar nonner to pure cluminium., The yield strength
appeared to be determined by the resistance encountered by dislocations
shearing the zones, as cnlculoated from current theories. Single crystal
vield points oand strain cgeing serrations on polycrystal stress—-strain
curves have been explained in terms of dislocation multiplication as o
result of mognesium atom pinning.

In peak aged and overcged material, ' and S precipitates did not
appear to deform,initiallyiwith the motrix., The yield strength seemed
to be controlled by the Orowan stress,

For alloys in 2ll aged conditions, the strain-hardening charsc-
teristics of the pelycrystals and the relationship between single erystal
and deycnystal‘deformation in terms of the nggregote theories, have been
examined. These results, together with the temperature dependence of the
yield stress oand the work-hardening rate, have pointed to the importance
of the grain-boundary precipitzte~free zones during the deformotion of
polycrystals. Metallographic studies of the fractures of single crystals
and polycrystals indicated that apparent intercrystalline failure in well-
aged alloys resulted from ductile fracture occuﬁ}ng preferentially in

the precipitate-free boundary zones.
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1. INTRODUCTION

The strengthening of aluminium alloys as a result of controlled
ageing treatments is well known as an important industrial process.
It finds a wide application in aircraft engineering, mainly because

of the favourable strength-to-weight ratio in the materials so produced.

The age-hardening phenomenon was discovered more than fifty
years ago and attempts have been made ever since to explain the
relationship between the strengthening and the microstructures
proauced by the precipitation processes. It is only recently that
success in detail has begun to be reached and this is primarily due
to the fact that accurate information about the microstructure of
aged alloys, that is, the size, distribution, spacing and morphology
of the precipitates can now be obtained directly by the examination
of thin foils in the electron microscope, In addition, the details
of the interactions between precipitates and dislocations during
deformation may also be observed directly. When the results from this
type of study are taken in conjunction with complementary information
about the mechanical properties of aged alloys from tensile tests, it
is then possible to relate the sources of strengthening to the relevant
important microstructural features. Of particular value is information
about the tensile behaviour of single crystals, from which quantitative
tests of theories for the strengthening may be made. One purpose
of the present investigation was to obtain information about the
tensile properties of the alloys selected for study, with the object

of correlating the changes in mechanical behaviour after ageing with
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the structural changes as they are currently understood. Other aims

will now be considered.

As part of a wider investigation into the role of the main
alloying elements on the ageing behaviour of Duralumin-type alloys,
several research projects have been undertaken previously in the
Department of Metallurgy at Imperial College. These have been
concerned with the constitution and age-hardening characteristics
of high purity ternary and gquarternary aluminium alloys which form the
bases of the Duralumin types. Since very little of this previous work
has been concerned with mechanical properties other than indentation
hardness, another purpose of the present investigation was to initiate
a study of the mechanical properties of these high~purity alloys,
with the objectlof determining the strengthening effect associated
with each alloying element. Due to the scarcity of data available on
the strengths of high-purity aluminium elloys 1t was necessary to
conduct tests initially on binary Al-Cu material, but most of the
measurements were made on Al-Cu-Mg ternary alloys. This is the basic

alloy system of most of the Duralumin-type alloys.

The choice of alloys used in this investigation was governed
by several factors. First, the association of the work with the
Duralumin-type alloys suggested that the amounts of copper and
magnesium should be in the ratio of 7:1 by weight, respectively.
However, the hardening then results from the structures found in the
binary Al-Cu system in addition to the ternary ones. In order to

separate the effects of these different structures, alloys of @ (Al) -3
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pseudo-binary composition, with a Cu:Mg ratio of 2.2:1 by weight,

were also studied. The values for the copper and magnesiun contents

of both the alloys were taken from the phase diagram near the solubility
limit of these elements at BOOOC, which was chosen as the solution
treatment temperature. This tenperature is similar to that used in
commercial practice and is the same as that used in previous age-hardening

and X-ray investigations into Al-Cu-~Mg alloys.

Alloys of 7:1 and 2.2:%1 Cu:Mg ratios have been studied in some
detail at the Fulmer Research Institute. The age-hardening and
structural ageing characteristics are now well documented and thus
the extension to mechanical property measurements is a logical one.
The use of alloys of these compositions enables a direct study to
be made of the effect of Mg additions to binary Al-Cu alloys. This

constitutes a further purpose to the investigation.

It has already been emphasised that mechanical property data
from single crystals of these alloys are useful, particularly when
allied to information from electron microscope observations. In
this connection, the final purpose to the work was to develop a
technique for growing single crystals of these two alloys, and to

compare their tensile properties with those of polycrystals,

The presentation of this work includes initially a description
of the apparatus used and the experimental procedures employed. The
design and construction of both the tensile testing machine and the

strain-anneal apparatus, together with the determination of the
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correct crystal growth conditions, occupied the major part of the

time spent and so have been reported in some detail. In particular,

a section is included on the method employed and the difficulties
experienced in obtaining the critical conditions necessary for single
crystal growth., This is followed by a review of the literature

dealing with the important aspects of tensile deformation of precipitation
hardening alloys, together with a resuné of the precipitation processes

occurring in the particular alloys used in this investigation.

The results are mainly presented in graphical form, but a
description of the important findings is also included in view of" the
large amount of data obtained and the number of different aspects of
tensile deformation covered. In addition to the yield stress, tensile
stress and elongation measurements, the results include the assessment
of the work-hardening rate, the effect of temperature and grain size
and the study of the fracture characteristics. The majority of these
topics have also been studied with both single crystals and with

polycrystalline material.

Finally, the discussion of the results is sub-divided into the
three main aspects of the work, namely, the relationship between the
tensile properties and the microstructures of the two alloys, the
effect of Mg on the mechanical properties of Al-Cu alloys and the
comparison between the behaviour of single crystals and polycrystals
of the two alloys. Within each division, the agreement between
observation and theory is examined, explanations are proposed for

observations in terms of theory, and the corrslation between various
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effects is attempted. It is hoped, thereby, that a contribution is
nade towards a better understanding of the mechanical properties

of alloys in the Al-Cu-Mg system.
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2., APPARATUS AND EXPERIMENTAL PROCEDURE

2.1 Alloy Preparation

Alloys were cast by a semi-continuous technique at the British
Aluminium Research Laboratories, from super-purity aluminium,
(99.995%), electrolytic copper, added as an Al, 50% Cu hardener, and
99.% magnesium. The melt was held at a temperature just above the
melting point, and degassed with chlorine for 15 minutes prior to
casting. The casting machine launders were designed to provide a
non-turbulent flow of metal into the mould, and in this way, the ingots
contained a minimum number of inclusions. The as-cast ingots were

2" in diameter by 3' in length, but only the centre 18" was fabricated
for use. The analysis of the metal used in this investigation was

as follows:-

Identification % Wt.Cu % Wt.Mg % Wt.Si % Wt.Fe

a) JWY 3.8 0.56 0.007 0.0035
b) JWZ 3.3 1.58 0.003 0.0055
c) KLY 3.8 0.55 N.A. N.A.
a) KLX 3.3 1.50 N.A. N.A.

N.A. -~ not analysed.

Alloys KLY and KLX were made from aluminium of 99.999% purity.

Materials c) and d) and part of a) and b) were hot extruded
at 45000, after 3 hours homogenisation at this temperature. c¢) and d)
were extruded to §" dia. rods, and a) and b) wereextruded to %"

diameter. The remaining portions of a) and b) were homogenised at



- 12 -

45000 for 12 hours, and hot pressed and cold-rolled, with intermediate
annealing, to 5/16" thick sheet. Substantial preferred orientation
was avoided in some of the material by cross-rolling. No detectable
differences in mechanical properties were observed between the
extruded and rolled alloys, although single crystals were grown more
easily in the extruded samples and in the naterial which was not

cross-rolled.,

A binary Al-Cu alloy, of nominal composition Al, 3.5 wt. % Cu,
was also manufactured using a similar casting procedure, but fabricated

by rolling and cold-drawing. This alloy was not analysed.

2.2 Apparatus

2.2.,1 The tensile testing machine

Tests were carried out on a constant extension-rate machine,
designed to facilitate straining at low temperatures. Sectional
-elevations of the machine are shown in Fig. 1. The specimen was
mounted in grips within the lower cage of the machine, which could
‘be immersed in liquid coolant contained in a dewar flask, Extension
of the specimen was carried out by the upward motion of a jointed
central tie-rod and lead-screw, to which was attached the load-measuring
dynamometer. The lead-screw thread was ground to an accuracy of
0.0005" per inch length. It was driven through a bronze nut, with.
anti-backlash device, housed in a straining—head, which was connected
through a worm and pinion reduction gear and V-belt drive to a

constant-speed induction motor.
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The load range of the strain-gauge dynamometer was 0-2000 1bs.,
with a linearity of + 14%. Input was supplied at 18 v. d.c. from
lead-acid accumulators, and the mV output was directly connected to
& Honeywell electronic recorder. The load measurement accuracy was
+ 1%% of any indicated value. The load measurement sensitivity was

0.5 1b.

Total machine elasticity at fullload was 0.135", of which 0,011"
was elasticity of the dynamometer. Elongation measurement was made
directly from the recorder chart, after correction for machine
elasticity, since both the chart speed and extension rate were constant.
For a large number of specimens, the % elongation at fracture measured
fron the chart, and directly on the specimen, agreed to within 2%

elongation.

The specimen grips were of the Hounsfield split~chuck pattern.

The machine was calibrated with a proving ring, which had been

checked on a Denison machine.

2.2,2 The tensile specimens

Test pieces were of circular cross-section, single shouldered,
based on the Hounsfield design, and are shown in Fig. 2.  Single
crystal specimens were machined to a smaller size, but the ratio of
the cross-sectional area of the gauge-length to the contact area
between shoulder and grip was maintained at approximately 1:2.5, to

ninimise deformation at the grips.
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Specimens were machined in pairs, using a special tool holder

and 1/16" diameter bit supplied by Tensometer Limited.

2.2.%3 The strain-anneal apparatus

The apparatus is shown in Fig. 3. It consisted of a salt bath,
above which was mounted a mechanism for lowering the specimen into
the salt. The bath consisted of a stainless steel container of pure
potassium nitrate, maintained at the required temperature in a
nichrome-wound pot furnace, insulated with asbestos. The bath
tenperature was controlled at + 1°¢ from a Kelvin-Hughes controller
connected to a ohromel—alﬁmel_thermooouple located on the furnace
windings. An external resistor, in series with the windings helped
to reduce temperature variations. Measurement of the bath temperature
was nade by means of a stainless-steel sheathed chromel-alumel
thermocouple immersed 1" below the surface. A water-cooled brass
cylinder was suspended just above the salt surface. The specimen
was held by a pin in a stainless steel piston, which slides in the
cylinder. The piston was held at the end of a tie-rod connected
to a rack and pinion; the pinion was driven, through a gearbox,
from a synchronous motor. The notor speed was fixed (1 r.p.h.) but
there was a choice of several specimen immersion speeds by connecting

different gearbox output shafts to the pinion driving the rack.

The position of the water-cooled cylinder above the surface of
the salt was adjustable, and this, together with the water flow rate,
and the clearance between the piston and the cylinder wall, determined

the temperature gradient on the specimen.
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2.3 Experimental Procedure

2.3.1 Heat treatment

Specimens were degreased in benzene, prior to heat treatment.
Solution treatment was carried out at 50000 + 1°C for 18 hours, in
a salt bath containing a 50% KNO3 / 50% NaNO,, mixture. The specimens
were then gquenched into water at 20°¢ + O.5°C, and immediately aged
at 19000 + 0.2°C in a silicone-oil bath, standing in an air-circulating

oven, After ageing, they were again water quenched.

2.3.2 Tensile testing
Tensile testing was carried out at room-temperature and at

three sub-zero temperatures, with the following mixtures:-

Acetone + solid CO0, 196°K (- 7700)
4L0/60 Petroleum ether + liquid nitrogen 148°K (—12500)
Boiling liquid nitrogen 77°K (—19600)

When conducting tests the following procedures were carried out:

(i) The specimen gauge length and diameter were checked with a
micrometer.,

(ii) The recorder was standardised before use.

(iii)The dynamometer input voltage was recorded on the chart by
shorting the accumulators across standard resistors, with a
total resistance of 20018 , and feeding the potential difference
across 1% to the recorder. Thus an 18 v accumulator e.m.f.

was recorded as 9 mV on the chart.
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(iv) A machine deflection curve, using a 1" diameter steel specinen,
was obtained for each series of tests at a given temperature,
with a given dynamometer input voltage.

(v) The specimen was assembled in the machine with a small load
to maintain alignment and to prevent icing in the grips or ball
Jjoints, while the coolant was added.

(vi) The machine éage and specimen were immersed in the low
temperature bath for several minutes before a test commenced
so that the temperatures of the vérious nachine members
reached a steady state; in practice, until the alignment

load remained constant.

Not more than four consscutive tests could be made at -19600,
since the temperature of the dynamometerlwas lowered by conduction
of heat through the tie-rod. This affected the dynamometer calibration,
and further tests were delayed until the machine reached room
temperature. When changing specimens after low temperature tests,
the grips were de-iced and dried before a new specimen was assembled
in the machine. The coolant level in the dewar flask was kept

constant, by topping up, during tests which took several minutes

to perfornm.
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2.3.3 Grain size control
A range of different grain sizes was produced in extruded 7:1,

Cu:Mg 2lloy by controlled heat treatments. The details are shown

in Table 2.1 below.

Table 2.1
Heat Treatment Grain size 1 !
liean Grain Dia. mm, a2
60 mins at 475°C 0.1 3.16 |
20 mins at 500°¢C 0.175 2.4
40 mins at 520°¢C 0.22 2.43
| 180 mins at 560°C 0.36 L 1.67
Lowered through 20° - 560°C i
: temp. gradient in the single approx 0.9 1.2
E crystal furnace
’ - Ny A p———p P —— .

The paximum grain size was limited to 0.9 mm since this was
equivalent to approximately 20 grains per gauge length cross-section.
Armstrong (1) has shown that where there is less than this number a
specimen "size effect” nay occur, which is caused by the orientation
dependence of plastic flow in each grain. Although this was unlikely
to be important in aged alloys, the linmit of 20 grains per cross-section

was kept because of the possibility of a "size effect" in quenched

specimens.,
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The mininum annealing temperature which could be used was
determined by the subsequent solution treatment temperature. It
was found that after 1 hour at the usual solution treatment temperature
of 500°C the grain size was greater than 0.2 nmn. diameter and the range
of grain siges for studying mechanical property variations was,
therefore, too small. In order to extend this range a ninimum annealing
tenperature of 47500 was chosgn)which was 10°C below the solid
solubility limit of the @ - phase for this alioy, so that solution
treatment was carried out just inside the 2-phase region. After

1 hour at 47500, the grain size was 0.1 mm, Thus, a range of grain

sizes changing by almost a factor of 10 was examined.

Unifornm grain sizes were not obtained even after reductions of
almost 100% by rolling or pressing. It was found, however, that the
residual stresses in the extruded material produced a uniform grain
structure after anncaling. This material was used as the starting

naterial for each of the heat treatments in Table 2.1.

Due to the difficulties encountered in producing what was only
a linited range of uniform grain sizes in the 7:1 Cu:Mg material, no
attenpt was made to repeat this for the 2.2:1, Cu:Mg alloy. In this
alloy the temperature range for recrystallisation (betweenthe limit
of s0lid solubility and the solidus) was even smaller than that for

the 7.1, Cu:Mg naterial.
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2.3.4 The replication of fracture surfaces

Two-stage cellulose acetate ~ carbon replicas were made of the
fracture surféces of several tensile specimens, for electron
microscopical examination. Similar techniques have been described
by Kay (2). Thin cellulose acetate film (0.003" "Bex" film) was
laid on the fracture surface, and softened with drops of acetone.
When the plastic had moulded to the fracture contours, it was allowed
to dry, then stripped and mounted on a glass slide. 8 & of 60/4.0
Au-Pd alloy was evaporated on the plastic at a nominal shadowing angle
of 250 , followed by a deposit of 50-100 R or carbon, evaporated

normally.

The cellulose acetate was dissolved away in acetone and the carbon

replica collected on a specimen grid.

2.4 The Preparation of Single Crystals

2.4.1 Crystal growth
The strain-anneal method (3) was used in this investigation,
mainly because of the presence of Mg, with its associated problems
of segregation and oxidation using melt methods. $tarting with accurately
shaped test-pieces, only the gauge-lengths were converted to single
crystals, leaving the shoulders polycrystalline, and therefore
stronger. This avoided the necessity to use shaping techniques such
as spark, or acid machining., Oxidation of the specimens was minimised

by annealing in a s8alt bath.



- 20 -

An as-machined specimen was first degreased and then given a
pre~strain anneal, to produce a completely recrystallised, fine grain
size structure. It was then strained 1-2% in a Hounsfield Tensometer,
and electropolished to remove surface irregularities caused by
machining, which might have provided extraneous nuclei. A
longitudinal temperature gradient was produced in the specimen by
lowering it into the salt bath. When the lower end of the gauge
length reached the necessary temperature for recrystallisation one
nucleus would then grow at the expense of the surrounding grains.

The growth interface travelled up the specimen, and the temperature
gradient ensured that the strained material in front of the growth
interface was kept below the temperature required to nucleate new

crystals.

The experimental conditions necessary for successful crystal
growth were determined after a great deal of experimentation, and

are listed in Table 2,2 for the two alloys.
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Table 2.2

Treatnent | 7:1, Cu:Mg 2,2:1, Cu:Mg

5. Growth speed

| 0.17 cns/hour

0.17 ems/hour

The average yield for perfect or nearly perfect single crystals
of each composition was about 25%, once the conditions had been
established. In order to establish the correct growth conditions,
seven major variables and four "constructional" variables were
taken into consideration. The seven major variables, which were
able to be measured and changed systematically are listed in Table 2.2
above, (there are three variables in the "pre-strain anneel" treatment).
The four "constructional" variables contributed towards controlling
the temperature gradient along the specimens, and consisted of the
dimensions and positioning of the cooling block, the dimensions of
the specimen holder and the method of holding the specimen. These

were not easily changed and required modifications to the apparatus.

1. Pre-strain anneal (i1) 5 mins at 555°C | (ii) 15 mins at 525°C
i
(iii) air cool : (1ii) acetone quench
2. Criticel Strein (11g) | 13% 1-13%
3. Reduction in gauge | 2
length dia. by ! .
electropolishing 0.003" ! 0.003"
4. Growth anneal o o
salt bath temp. 555°C 525°C

[ —_—

e JEUOS OV AU e e e e e

(1) 30 mins at 500°C | (1) 30 mins at 500°C .

et og s e ek o & a8 2 et S ¢ e A e e banae
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It is clearly impossible to establish the optimum value for
sach variable in an entirely systematic manner. Instead, it was
found necessary to give particular attention to detailed factors,
and to alter only one or two variables at a time after a close
inspection of the specimen produced af'ter each attempt. The
direction in which the variables wers altered was generally deduced

from the theoretical description of the strain-anneal process by

Williamson and Smallman(h).

They have treated the problem of continued single crystal
growth as the minimisation of the probability of forming active
nuclei for recrystallisation within the sample. The probability

of nucleation is given by:-

Q

5 iTg
Tg™ e C.V.K.
P = S.v.Qn 2.1
gn
Y\Qg
or, P =
s.v. (1:8/v)?) X.qn 2.2
where,

P = Total probability of nucleation in the entire sample.

Tg = 1Interfacial growth temperature.

@n =  Activation energy for nucleation.

Qg = Acfivation energy for growth.

X = Boltzmann's constant.

c =  Probability of finding regions of lowest activation energy

for nucleation, Qn, per unit volume,
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v = Volume of specinen.

S = Temperature gradient.

v = Velocity of steady state growth = furnace velocity.
B = A constant, representing a limiting growth velocity.

Nucleation is associated with the polygonisation of regions of
severe lattice bending caused by the accommodation of different slip
characteristics in neighbouring grains in a polycrystal. Provided
that the nucleus makes a large-angle boundary with the surrounding
matrix, it will grow into a new crystal. Polygonisation may lead to
recovery without recrystallisation, particularly at lower temperatures,
and there is evidence that recovered regions can be stable in the
Presence of recrystallised grains. If so, these may form active

nuclei during a growth anneal.

Although, more recently, different physical concepts of the
nucleation of recrystallised grains have been proposed, the factors
affecting the probability of extraneous nucleation, used in
Williamson and Smallman's equations, probably remain valid. However,
regardless of the true physical picture, the use of these equations,
as shown below, resulted in successful crystal growth for the two

alloys used in this investigation.

In order to minimise P, factors in the numerator of equation
2.1 or 2.2, must be small, and similarly those in the denominator

must be large. Several of the factors, however, are interdependent.
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(i) The temperature gradient, S, nust be large, which means that
the temperature must fall off rapidly ahead of the growth interface,
This narrows the region ahead of the interface within which recovery
can take place, and thus decreases the possibility of extraneous
nucleation. In the apparatus described above, suspending the
water-cooled cylinder as close as possible to the salt surface,
without actually touching it, imposed a high temperature gradient

on the specimen. This was further improved by using aluminium
packing pieces between the specimen and piston to iwprove conduction,
and by reducing the clearance between the piston and the cylinder
wall, until the piston just failed to seize when it was partly
impmersed in the salt near the end of its travel. Measurement of

the gradient along the specimen could nqt be made easily, but was

estimated to be at least 100°C/cm.

(ii) The specimen volume, V, must be small and in this respect the
specimens used for single crystal growth had their gauge diameters
reduced from 0.179" to 0.110". Attempts were made to grow crystals
from the larger specimens, but with less frequent success. This was
believed to be due to a lowering of the temperature gradient along

the specimen, by virtue of its greater cross-section for conduction.

(iii) Williamson and Smallman identify the factor B as a limiting
growth velocity, so that if v approaches B, then P tends to infinity.
B is orientation dependent, so that for favourable orientations, where

it is large, P is reduced, and crystals are grown more easily.
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It is known that a recrystallised grain grows more rapidly when its
orientation is related to that of the parent grain by a rotation of

30° - 4,0° about a <111> axis. In the present investigation it wes
found that the orientations of the majority of single crystals lay

in that region of the stereographic triangle between the centre and

the <100> pole. It can be shown that this corresponds to a rotation

of approximately 300 about a <111> axis, if it is assumed that the
deformation texture of the extruded rod is <111> parallel to the

wire axis and that this texture is retained after annealing. Barrett(S)
has reported such a texture for extruded aluminium annealed at

tenperatures up to 500°C.

(iv) The specimen shape is expected to have an effect on nucleation.
The ma jority of the deformation in a polyecrystal initially takes place
in each grain within a short distance from the grain boundary.
Specinens with a large grain size, and a large free surface area

deform in a more inhomogeneous fashion than small grain-sized specimens
with a minimum of free surface. Totally enclosed grains within

the specimen have boundaries over a solid angle 4 X, those at the
surface are enclosed over 2", and those at an edge over X, Thus

most heterogeneity of deformation is expected in grains which are

not totally enclosed. In the present investigation, cylindrical

specinens were used in preference to square or rectangular sectioned

specimens.
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(v) Specimen preparation is important in order to reduce the
probability of nucleation. This arises from a consideration of

Qn and C. Stress concentrations at defects in the alloy will raise
the value of C, and reduce Qn. If the specimen has not fully
recrystallised after the pre-strain anneal, recovered regions of the
lattice remain, and provide active nuclei for recrystallisation during
the higher temperature growth amnneal. To reduce this danger a small
percentage of impurity may be added to retard dislocation movements
necessary for recovery, and this may account for the greater ease
with which crystals are grown in less pure metal., For high-purity
metals, rapid heating to the recrystallisation temperature prevents
recovery at lower temperatures. Also, a very fine recrystallised
grain size will absorb any recovered areas more guickly, by slight
grain growth, than will a large recrystallised grain size. 1In the
present work, a double annealing treatment was used, which consisted
of a relatively low temperature anneal at 50000 to recrystallise

the naterial to a fine grain-size, followed by a rapid anneal at

a higher temperature, to allow the recrystallised grains to grow

slightly, and absorb the recovered regions.

It was also necessary to quench these materials after the
pre-anneal treatment and to introduce the critical strain as rapidly
as possible after quenching, in order to minimise age hardening.

The optimum quenching treatments were found to be air-cooling for

the 7:1 Cu:Mg alloy and acetone quenching for the 2.2:1 alloy.
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(vi) The inter-relationships between the factors are also important.
The value of P is seen to be influenced by the ratio Qn/ég. It has
been shown from a study of the recrystallisation of aluminium(G)
that On *== Qg, so that Qn/Qg # 1, Since v'/.'B is 1, then
(V/B)Qn/ég will be reduced by an increase in Qn/Qg. Such an
increase nay be effected by increasing Gn by specimen preparation as
outlined in paragraph (v), and also by using the minimum value of
critical strain. This is because Qn/Qg has been shown to decrease

rapidly with increasing strain(6).

A further decrease in P can result from a reduction in v.
This decreases the (V/B)Qn/Qg term and increases the In (B/v)2 tern
in the denominator. These terms together outweigh the remaining
1/; term in the expression, The temperature of the growth interface,
Tg, and v are also related. Low temperatures, which reduce the
nucleation rate, must be accompanied by slow speeds to allow time
for atomic transfer across the boundary between the growing crystal
and the matrix ahead. Too low a temperature, however, will result
in failure to produce a single crystal, because B, the limiting
growth velocity, must also be temperature dependent. In the extremne,

Tg may fall below the temperature necessary for recrystallisation.

In this experiment, practical considerations governed the
choice of bath temperature which affects both Tg and S. Although
the bath temperature was maintained at 15 - 20°C below the solidus
temperature for each alloy, the actual growth interface temperature

was less than this due to the high thermal conductivity of the specimen.
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This also helped to minimise the change in the temperature gradient,

S, as the proportion of specimen immersed increased with time.

(vii) The critical strain is important, although it is not included,
as such, in Williamson and Smallman's equation for P. The
significance of the critical strain is reflected solely in its
effect on Qn and Qg. The presence of dislocations and point defects
introduced by straining decreases the value of Qn, but also decreases
Qg by increasing the randomness of atoms in the lattice ahead of the
growing crystal. It has been observed that single crystals cease to
grow at the upper ends of the gauge lengths, when the temperature
gradient passes into the specimen shoulders. This may be due to the
sharp change in section of the specimen, whereby the growing crystal
has to absorb other crystals in directions normal to the tempgrature
gradient, where B may be small due to the texture in the material.
In addition, the absence of strain in the shoulder may increase the
value of Qg; at the same time, though, Qn is increased, since the
grains in the shoulder are strain-free, having recrystallised to a
stable size governed by the pre-strain anneal. The critical strain,
therefore, must be sufficient to provide a driving force for
recrystallisation, but not so high that the value of Qn/Qg becones
too low. The value of the critical strain will vary with the type
of material used, its fabrication, and its structure resulting from
the pre-strain anneal. In the present investigation, it is noted
tbat the critical strains were different for the two alloy compositions

used,
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2.4.2 The determination of crystal orientation

Crystal orientations were determined by the back-reflection
Laue method, using standard laboratory equipment. This consisted
of a Phillips PW.1009 X-ray set, using a sealed tube with Cu target,
operated at 40 XV with 20 mA anode current. The svecimen-to-film

distance was 3 cm, which was set by means of a feeler-gauge.

A Greninger chart was used to measure the angular co-ordinates
and inclinmtions of zone hyperbolae on the film, These were plotted
as zone circles on a stereographic projection using a Wulff net.

The intersections of the zone circles were indexed using a tazble
of interplanar angles, and the whole projection was rotated to a

stendard (001) projection.

The accuracy of the method, using a 0.5 mm diameter collimator,

which reduced exposure times to 30 mins, was estimated to be pt 20.

A very similer method is described in detail by Cullity(7).
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3. PREVIOUS WORK

3.1 Structural Changes During Ageing

The structural changes occurring during ageing have been studied
by several different experimental technigues. The ageing kinetics
of various alloys are known to be dependent on such variables as the
solution treatment temperature, quenching rate, guenching temperature
and alloy content. Electron microscopy has shown that these variables

(8)

govern the defect structure of the supersaturated solid solution.

In pure metals, this structure depends largely on the stacking
fault energy, and in quenched aluminium it consists of prismatic
dislocation loops, approximately 500 2 diameter, formed by the
collapse and shear of condensed vacancy discs, as a result of the
supersaturation of vacancies retained at the quenching temperature.
In quenched Al alloys, excess vacancies form prismatic dislocation
loops in dilute alloys and helices in concentrated alloys. The
helices appear to originate at screw dislocations, which ;re believed
to form by the gliding of prismatic loops, or by the action of
Frenk-Read sources from prismatic 1oops(9). The screw dislocations
become immobilised by vacancy absorption. The change from loops
to helices was thought to indicate that the presence of solute atoms
reduces the effective vacancy supersaturation, so that nucleation of
prismatic loops is prevented, and excess vacancies migrate to
dislocations to form helices, or to sinks, e.g., at grain boundaries(9).

The number of excess vacancies, deduced from the concentration of

loops, is higher in supersaturated solid solutions than in pure metals.
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This was believed to be caused by the lowering of the free energy
of formation of a vacancy by an amount equal to the binding energy

between it and a solute atom.

Thonas and‘Whelan(g) showed that for an Al, 4 wt.% Cu alloy
quenched from 54000, the volume fraction vacancy concentration was
approximately 3 x 10-5, and the loop diameter approximately
500 - 2000 ﬁ. Erbury and Nicholson(1o) showed that the growth of
loops and helices as a result of a slower guench or a short ageing

treatment, may occur by climb.

The very early stages of ageing have been investigated by the
changes in electrical resistivity, since continuous measurements
are possible following rapid quenching(B). The measured changes in
electrical resistivity were ccused principally by solute atom
redistribution which overshadowed the contributions from dislocations
and point defects. In supersaturated Al-Cu alloys, aged at low
temperatures, it was found that the electrical resistivity increased
rapidly at first and then more gradually. 7The fast reaction was
attributed to clustering, whereby the majority of Cu atoms formed
very small zones throughout the specimen. The reason for an
increase in resistivity, which was also observed for Al-Ag and
Al-Zn alloys was not known with certainty, but was thought to be
caused by critical scattering by the very small zones. The clustering
theory was supported by the observation of a large simultaneoﬁs

evolution of heat, (approximately 3 kcal/gm. atom Cu), but clustering

also implied an abnormally large diffusion coefficient.
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This was thought to result from the high vacancy supersaturation
existing after quenching. The slow reaction was believed to be
caused by a gradual decrease in the vacancy concentration to its

equilibrium value, after the initial rapid clustering.

The changes occurring during further ageing have been studied
extensively by X-ray diffraction, electron diffraction and transmission
electron microscopy. In the Al-Cu system, the structures responsible
for ageing were first established by X-ray diffraction. GP(1) zones
were shown to consist of Cu-rich discs on {100} Al planes, probably
only 1 atomic plane thick end up to 100 X in diameter(11). They
appeared as streaks between the matrix spots on single crystal X-ray

(12)

photographs. Nicholson and Nutting conf'irmed this from observations
of zones by thin foil electron microscopy. GP(2) zones (or G")
consisted of plates of ordered Cu and Al atoms, in a tetragonal
structure, with an approximate composition Cu A12. Their thickness

was < 100 X, and their diameter was approximately 1500 £. They

were found to have, initially, a slightly different ¢ parameter when
formed from GP(1), compared with those nucleated directly from the
matrix, Nicholson and.Nutting(12) showed that coherency strains
existed around GP(2) precipitates and extended from one precipitate

to the next, near the peak, when the precipitate density was high.

The orientation relationship for GP(2) and 6' was {100} precipitate

// {100} matrix,
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6' precipitates were established as face-centred tetragonal,
consisting of alternate layers of Cu and Al atoms, with a composition
near Cu Al,. The sequence of precipitation, GP(1). GP(2) (8"}~ 6'. 9,
was shown to correlate with the hardness curves(13). The earlier
decomposition products were omitted in turn with decreasing
supersaturation, which indicated that GP(2) and 8' may nucleate
independently, GP(1) was found to be responsible for hardening at
room temperature and in the first stage of ageing at 110° and 13000.
GP(2) was responsible for the second rise and was the main structure
at the peak. ©' was associated with softening beyond the peak at
110° and 13000. At lower supersaturations the amounts of 8' increased
until it finally became the only hardening precipitate. In the
electron microscope, no strain fields have becen observed around &'
precipitates and the existence of structural dislocations has been
suggested(14). Replicas showed that 6' was precipitated preferentially
on certain sites in the matrix(15), and these were later identified
as the helical dislocations formed during the quench(16).

(17)

Nicholson showed that only two orientations of &' nucleated
heterogeneously on helices, and that the missing orientation was

that in which the Burgers vector of the dislocation was perpendicular
to the misfit vector of the precipitate. This was believed to be

a general feature of a partially coherent precipitate nucleating

on a dislocation. The lattice misfit between precipitate and matrix

is best accommodated if the Burgers vector of the dislocation is parallel

to the misfit vector of the precipitate.
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The dislocation-nucleated ©' accounted for much of the total
6' precipitated, since large precipitates grew from each helix.
This produced a very heterogeneous structure in peak aged alloys,
which also contained GP(2), and this feature was thought to account
for the wide scatter in the mechanical behaviour of crystals aged
near the peak, (Section 3.2.1). 6' was also found to be nucleated

at other dislocations and sub-boundary sites.

Heterogeneous precipitation of 6 at grain boundaries is
accompanied by the formation of precipitate-free "denuded" zones.
(see Section 3.3). These zones were shown by Kelly and Nicholson(s)
to be denuded of vacancies, rather than solute atoms. ©' precipitates
were seen growing preferentially near denuded zones and this was
believed to be due‘to the larger atomic volume of the 6' compared
with the matrix, so that nucleation and growth of ©' required

vacancy emission.

The ageing of Al-Cu~Mg alloys has been extensively studied
by hardness measurements(18) and X-ray diffraction(19). .Particular
attention has been paid to alloys of 2.2 : 1, CuiMg ratio occurring
in the pseudobinary A1-S system, and those containing 7:1, Cu:Mg
ratio on which some Duralumin-type alloys are based. In the
latter alloys, Al-Cu binary precipitates, together with ternary
stpuctures, were rgsponsible for hardening. (Note, 2.2:1, Cu:Mg
ratio is almost equivalent to the equiatomic ratio, and 7:1 by

weight is equivalent to 2.7:1 by atoms).
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GP B zones, analogous to GP(1), were found to form very
rapidly over a wide range of composition, and to be stable up to
2,0°C. The diffuse X-ray diffractions produced by them have been
indexed as tetragonal. Silcock(19) interpreted the structure in
terms of a needle-shaped zone, 10-20 X diameter, 40-80 K long.
Gercld and Haberkorn(zo) interpreted their results as spherical
shaped zones, but Brook(21), and Kelly and Nicholson(S) considered

needle-shaped to be more feasible.

At high ageing temperatures ( > 24060) a similar structure
to GP B, but with sharper diffraction spots, has been cbserved,
termed GP B(2) by SIlcock(19). The structure has not been determined,
but it was assumed to be an ordered segregate, since it was discovered

(21)

in 7:1, Cu:Mg alloys, and also in 1:6 Cu:Mg alloys aged at 190°¢.

S phase, of composition approximately Cu Mg A12, has a face
centred orthorhombic structure. There is some evidence(22) that
an S' phase exists, but its structure is very similar to S, with
only a slight distortion of the diffraction spots. The orientation
relationship between S and the matrix was shown to be [1OO]S // [1OO]A1;

[010]4 /7 [021] 5 3 [001]S // [012]A1.

The ageing sequence for Al-S alloys has been shown to be
analogous to that of Al-Cu, and to correlate with the hardness
1
curves( 9). An initial plateau, observed at all ageing temperatures

up to 24000, resulted from precipitation of GP B. At the end of the

plateau at temperatures > 110°C, S' was formed, and increased
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in amount to 25% at the peak. Rapid softening was associated with
the disappearance of GP B. At 2#000, the peak was as high asaﬂ;f}OOC,
and the structure then consisted of GR(BIZ)and S'. Softening was

again associated with the disappearance of the zones.

In 7:1,Cu:Mg alloys at temperatures up to 130°C, the initial
rise, to the plateau; was due to GP B and GP(1). Both these
disappeared on the rise to the peak, which was essociated with 6P(2)
and S', At the peak, the structure consisted of S' and ', but
no zones. At 165°C, the initial rise and plateau were due to GP B,
the rise to the peak was due to GP(2) and S!', and the peak was associated
with S' and 0! as before. At 19000, and above, the rise to the
peak, and the peak, were due to GP B(2), S' and 8'. §S' appeared
very early, and GP B(2) persisted well beyond the peak, when S

was present.

Since 7:1, Cu:Mg alloys contained a mixture of the precipitates
found in Al-Cu and Al-S alloys, Hardy(18) attempted to synthesise
the hardness cd&es from those of the two binary alloys. This was
unsuccessful, since the presence of Mg in the 7:1 alloys accelerated
the formation of GP(1) and @', and caused preferential nucleation
of @', responsible for the peak at 130°C and 165°C, instead of

GP(2) as in the binary system.

Wilson and Partridge(ZB) have studied the nucleation and growth
of 8! precipitates in an A1, 2.5 wt,% Cu, 1.2 wt.% Mg alloy, aged

at 190?C. The as-quenched alloy contained a large nunber of loops
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end helices, which grew, after short ageing times, by a climb process
as described by Embury and Nicholson(10). S' was nucleated
heterogeneously on the loops and helices and grew as lath-shaped
precipitates along <100> directions. The laths lay in 1210§A1
planes with a common <400> axis and so formed corrugated sheets
under certain conditions. An attempt was made to show that the
morphology of the S' was consistent with the relative values of the
interfacial energies at each of its faces. The interfaciﬁl energies
were estimated from the mismatch between the precipitate and matrix
planes at each face. The lath shape of the S' was shown to be
consistent with the relative interfacial energies, but some of the

details of the analysis, in particular the § 210} interplanar

Al
spacings and the choice of matching precipitate and matrix planes,
were unsatisfactory. The formation of “corrugated sheets" of

laths at dislocations was shoﬁn to occur on planes such that the
misfit vectors of the precipitates were as near parallel as possible
to the Burgers vector of the dislocation. Thus for a dislocation
loop lying in a 11103 plane, a composite sheet of S' may grow by
lath formation on a pair of conjugate [210} planes. The particular
pair of planes chosen was shown to be those which produced maximum

relief of misfit strain, and at the same time reduced the deviation

of the dislocation loop from its {110} plane to a minimum,

Vaughan(zh) has studied the precipitation process in an Al,
3.3 wt.% Cu, 1.58 wt.% Mg alloy, aged at temperatures up to 19000.

The structure of the quenched alloy consisted of loops and helices;
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more loops being present than helices. In the early stages of ageing,
growth of the loops by climb was observed. The presence of GP B zones
was detected as streaks on electron diffraction patterns, but the
zones themselves could not be resolved on electron micrographs.

This was attributed to their shape, or to the absence of an associated
strain field. No distinction was possible between S' and S phases

on electron micrographs, which appeared as lath-shaped precipitates,
nucleated entirely on dislocation loops and helices. Preferential
mucleation of S precipitates of certain orientations on the loops

and helices was observed., It was shown that the S orientations

were such that the Burgers vector of the dislocations lay in the
misfit planes of these precipitates. Precipitates of other

orientations would not be able to accoﬁﬁdate the misfit so well.

3.2 The Mechanical Properties of Aged Alloys

3.2.1 The change in mechanical properties with ageing

Until recently, the effect of ageing on mechanical propertiss
had been mainly investigated by means of hardness changes. Previous
work on tensile properties of relatively impure material showed that
yield stress and tensile strength changed with ageing time in a
similar manner to hardness, although not at the same rate(25).
Ductility has been known to decrease markedly in Al-Cu and Duralumin
(25)

alloys after ageing above room temperature Extensive hardness
measurements have been made by Hardy(26) on high purity Al-Cu alloys

and Al-Cu~-Mg alloys(18).



- 39 -~

Tensile tests on single crystals have shown similar changes

(8)

with ageing. Kelly and Nichoison reported measurements made by
Dew-Hughes on Al, 4 wt.%Cu crystals, which showed that critical
resolved shear stress, (C.R.S.S.), and hardness values on the same
specimens varied in a similar mamner with ageing time, The C.R.S.S.
reached a peak after the hardness peak. C.R.S.8, ageing curves for

Al, 4wt.%Cu crystals aged at 13000, 165°C, and 190°C have been reported

by Dew-Hughes and Robertson(27) (28) and

(29)

Bonar « In each case the shapes were characteristic of the

s Byrne, Fine and Kelly

corresponding hardness curves. Bonar also showed that the rate
of work-hardening in this alloy, aged at 19000, measured from the
slope of the stress-strain curve at 2% strain, changed abruptly
from a low value of approximately 50 kg/mm2 characteristié of
as-quenched and lightly aged crystals, to a high value of
approximately 300 kg/mm2 characteristic of over aged alloys, at

about the time that the C.R.S.S. reached its peak value,

These mechanical property changes have been shown to have a
marked effect on the form of the stress-strain cur¥e as ageing
proceeds., Corderoy and Honeycombe(jo) illustrated this for
polyerystalline Cu, 8.5 wt.% and 10 wt.% In alloys, aged to
contein non-coherent CugIn, precipitates on §100 }Cu planes. The
stress-strain curves were parabolic at all stages of ageing.
Initially, the proof stress and rate of work-hardening were small, but

they increased steadily with ageing time, and both reached maximum

values at the peak aged condition. At room temperature, and below,
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the ductility of the alloys decreased with increasing ageing time,

Information on polycrystalline Al, 4wt.% Cu alloys has been
(31,32)

obtained by Katsuura, Izumi and Koda Alloys were tested at
77QK in the as-quenched condition and after ageing for times up

to the peak at 130°C, to contain GP(1) and ¢P(2) zones. The
stress-strain curves were parabolic and the yield stresses increased
up to the peak, although the rates of work-hardening remained very “
similar to that of the as-quenched alloy. In a later paper(32),

Al, 4 wt.% Cu alloys, aged at 2,0°C to contain 6! precipitates,

were shown to have only a slightly larger yield stress, but a very
much greater rate of work-hardening than the as-quenched alloy, for
the first 5% Strain, after which the rate of work hardening decreased
to a lower value. Shaw et a1(33) have presented stress-strain curves
for polycrystalline Al,3,4 and 5 wt.% Cu alloys aged to contain
dispersions of 6 - Cu A12. These curves were all parabolic and

showed very large initlal rates of work-hardening which decreased
markedly by the time the strain reached approximately 5%. This
characteristic of dispersion-hardened polycrystalline alloys has

been illustrated by Hart(jh)

who showed that for Al-Cu containing
€ precipitates the increase in flow stress of the dispersion-hardened
material over that of the matrix solid solution reached a maximum

value at 5 - 10% strain. Beyond this, the two curves were almost

parallel,
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The change in the form of stress-strain curves for single crystals
as ageing proceeds was first demonstrated by Carlsen and Honqycombe(Bs).
Crystals of Al, 3.5 wt.% Cu alloy were tested at room temperature and
77°K in the solution treated, peak-aged at 190°C and overaged
conditions, The solution treated crystals had low C.R.S.S. values
and very low rates of work-hardening, The peak-aged crystals had
large C.R.S.S. values and initially very rapid rates of work-hardening
which decreased after 5% strain to the solution treated value.

Overaged cfystals had similar curves to the peak-aged crystals but
the C.R.S.S. was lower than the solution treated value. Greetham
and Honeycombe(36) confirmed these trends on Al, 4.5 wt.% Cu and found,
in addition, that crystals aged before the peak exhibited stress-strain

curves which were similar to those of the solution treated alloy,

but with larger C.R.S.S. values.

Stress-strain curves for aged Al, 4 wt.% Cu alloys have been
described by Dew-Hughes and Robertson(27), Byrne, Fine and.Kelly(Za),
Price and Kelly(37), Bonar(29) and Matsuura and Koda(ss). When aged
at 13000, tiis alloy contains only coherent precipitates at all stages
up to the peak. Crystals were shown to exhibit no transition in the
form of the stress-strain curves, which were similar to those of pure
Al jSstals with the same orientations. Crystals aged before the
peak at 190°C, and containing only coherent precipitates, also
deformed in a similar way to pure Al, whereas those aged at and
beyond the peak to contain 6' or © precipitates were shown to have

stress-strain curves similar to those of polycrystalline material.
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The transition from low to high rates of work-hardening thus
corresponded to the stage at which partially or non-coherent
precipitates predominated in the material. Bonar(29) pointed out
that in the transition region there was a wide scatter in the C.R.S.S.

values and the rates of work-hardening.

The stress-strain curves of Al, 20 wt.% Ag alloys aged at room
temperature and at 160°C have also been studied(39). Both these
treatments produced ésherent precipitates (clusters and GP zones,
respectively), and the crystals deformed by single slip in a similar
manner to pure Al, with low rates of work-hardening. Price and Kelly(37)
confirmed this result for GP zone-hardened crystals aged at 160°¢
and showed also that crystals aged to the peak at 200°C, containing
¥ ' precipitates, deformed by multiple slip from the start, in a
similar manner to Al-Cu crystals containing 6'. Results were also
obtained on Al, 15 wt.% Zn alloys, in the solution treated condition,
aged at room temperature to produce GP zones and aged at 160°¢ to
produce platelets of the f.c.c. intermediate phase @', The
solution treated and zone-hardened crystals showed deformation
characteristics similar to those of the corresponding Al-Cu and Al-Ag
alloys. The crystals containing the O ' precipitate also deformed
in a similar manner to the zone-hardened crystals, It was shown
that these precipitates did not provide strong obstacles %o
dislocation motion and could deform easily with the matrix, since they

formed in an identical orientation with only slight differences in

the lattice spacing. This was in contrast to the nature of 8' in
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Al-Cu and ¥ ! in Al-Ag,which are hard phases, unlikely to deform
with the matrix at low strains. Thus the nature of the precipitates
was also shown to determine whether a transition occurreé& in the

stress-strain curves as ageing proceeds.

Price and Kelly(ho) also studied the deformation of Cu, 1.8 wt.%
Be crystals aged to contain either GP zones of Be-rich plates on
{100} Cu planes, or overaged to contain Cu-Be intermetallic ¥
precipifates. The stress-strain curves were of the two types
characteristic of those of Al-Cu alloys containing GP zones or

8! respectively.

A change in the form of stress-strain curves associated solely
with testing temperature has been shown by De Luca and Byrne(h1)
for Mg, 1.2 wt.% Mn crystals in the as-quenched condition and after
ageing to peak hardness at 30000. It was found that the rates of
work-hardening for pure Mg, quenched Mg-lin and hardened lg-}n
crystals were all low at room temperature, but very high for the
hardened Mg-lMn allpy at 77°K. The precipitates were believed to

deform since the crystal rotations were consistent with single slip.

No detailed explanation has been given.

3.2.2 Strain ageing

Strain ageing effects may take the form of initial yield points,
multiple yielding (serrated stress-strain curves or the Portevin -
Le Chatelier effect), or flow stress increments in interrupted low

temperature tests.
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Initial yielding occurs mainly in Al-Mg allqys(az) and experiments
on A1, 3 - 7 wt.% Mg alloys showed that initial yield points
occurred at temperatures greater than -70°C.in suitably heat-treated
material. The effects were attributed solely to the Mg atoms,
for three reasons. First, they were not observed in pure Al. Second,
quench-ageing experimenfs (measuring the rate of return of the yield
point, suppressed by quenching from a high temperature) indicated
that the kinetics were controlled by the activation energy for Mg
atom diffusion. Third, precipitation of lig in the 7 wt.% Mg alloy
reduced the magnitude of the yield, whereas identical heat treatment
of the 3% wt.% Mg alloy, in which no precipitation occurred,
produced no change. A d:% dependence of the yield stress suggested
that Mg atom segregation at grain boundaries was hindering the

propagation of slip from one grain to the next.

Multiple yielding, either during incremental or continuous

loading tests, has been observed on commercial Al(hz’ 43),

pr-cult3s B4) oy g (ks 45) (b2,44) (¥2)

, Duralumin and other alloys

The effect,using soft-beam machines, consists of numerous steps along
the work-hardening portion of the stress-strain curve, where
extension occurs at constant load, and in hard beam machines consists
of serrations or oscillations where sudden extensions cause stress
relaxations. The magnitude of the effect is strain rate and

(4, 45,46)

temperature dependent, and the kinetics have been studied

(42,46,47)

by means of interrupted low temperature tests, where a

short ageing treatment at a higher temperature produces a transient
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increase in flow stress on resuming the test at the lower temperature.

The mechanism of strain ageing in these alloys is thought to be

similar to that in steel, namely the Cottrell -—loeking of dislocations
(46,47,48)

by impurity atom atmospheres. Since the interaction energy

between a substitutional solute atom and a dislocation is less than
that for an interstitial atom, the effect is less marked in

substitutional alloys. There is good evidence for the Cottrell model,
(43)

First, strain ageing is not commonly observed in pure Al

(42,43)

appears in commercial Al » Second, it is most marked in quenched

(42)

age-hardening alloys, eg. Duralumin ;3 also, the effect decreases

, but

in the lightly aged alloy and is absent in the fully-aged material.
(43,45,46)

Third, it occurs mainly at temperatures near room temperature

However, in Al-Mg alloys, it was found that the activation
energy for strain ageing was about three times smaller than that
for Mg diffusion in Al(hs). Furthermore, strain ageing in all alloys
only occurred after some plastic deformation had taken place. To
account for this, Cottrell(hs) suggested that the diffusion rates of
solute atoms were greatly increased by the creation of vacancies
during deformation, thus accounting for the low observed activation
energies for diffusion in Al-Mg, the necessity for prior strain, and
the enhanced effect in guenched alloys. Results on Al-Mg by

(¥7)

Westwood and Broom supported this idea.
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(49) pointed out that the Cottrell atmosphere theory

Sperry
failed to explain why strain-ageing was so marked in Al—Mé alloys
which show a rapid, low temperature recovery from cold-work, whereas,
in other substitutional alloys, it only occurs under special conditions.
Also, Sperry claimed that it failed to explain why cold rolling
suppressed the effect, although, in tensile tests the magnitude
of the serrations increased with strain, However, it does not seem
to be generally accepted that cold-rolling suppresses strain-ageing

in Al-Mg alloys(So).

As an alternative, it was postulated that the elastic interaction
between moving dislocations and point defects caused the thermally
activated jumps to be directed towards the dislocations. Thus,
after the passage of a number of dislocations along a glide plane,

a segregation of defects would be produced, and the resulting lattice
distortion would ultimately prevent the passage of further
dislocations. Diffusion of the defects back to a random distribution
would then release a pile-up of dislocations, producing softening.
While being able to aécount qualitatively for various aspects of the
Portevin-Le Chatelier effect, no experimental evidence was offered

for this model, and no quantitative support was described.

(51)

Thomas has recently studied the Portevin-Le Chatelier effect

in a quenched commercial Al, 5 wt.% Mg alloy, as a function of strain
rate, grain size and testing temperature. Two effects were observed.

The first was associated with coarse grain size material ( > 0.6 mm. dia.)
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at all temperatures in the range -5000 to +50°C, and with fine grain
size material below OOC. Serrations on the stress-strain curve
increased in size with increasing strain, and the stress at which
the serrations started decreased with increasing temperature. The
effect was attributed to the formation of Cottrell atmospheres and
the calculated activation energy for the process agreed with that of

(7).

Westwood and Broom

The second effect was associated with fine grain size material
tested above 0°C and was characterised by the sudden appearance of
large regular serrations at appraximately 5% strain, which formed
plateaux on the stress-strain curves, The serrations corresponded
to the formation of regular parallel surface markings on the specimen
at 530 to the tensile axis. An increase in testing temperature, or
a decrease in strain rate, or a decrease in grain size, all delayed
the start of the serrations. Due to this reverse temperature
dependence, a new mechanism was proposed. At the start of deformation,
at temperatures above OOC, dislocations are readily locked by solute
atmospheres. New dislocations are produced and the material work hardens
until the stress required to release the locked dislocations is
reached. This release occurs at a stress concentration, e.g., near
the grips, andvtriggers similar releases in grains along the line
of maximum shear stress in the specimen. Reising the temperature
increases the size of the solute atmospheres, and, therefore, the
stress required to release the dislocations. Small grain sizes limit

the lengths of locked dislocations and decreasing the strain rate
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increases the time in which atmospheres may form; both of these

increase the stress for catastrophic dislocation release, as observed.

This model is also only able to account qualitatively for certain
aspects of the observed effect. It makes no attempt to explain
why there is a limiting grain size for the effect at 0.6 mm. dia;
nor is the explanation for the observed direction of the surface

markings, at 530 to the spedimen axis, entirely satisfactory.

3.2.3 Strain-induced precipitation,

| It is known that the kinetics of zone formation in supersaturated
alloys dag sensitive to the perfection of the matrix lattice.(s)
Thus the zone structure may be changed during a tensile test as a

result of the influence of dislocations introduced by the deformation.

This will alter the form of the stress-strain curves.

It was found that for quenched Al-Cu single crystals the
stress-strain curves showed higher rates of work-hardening at room
temperature than at 7?°K(35). The effect was attributed to
strain-induced GP(1) formation, and this was supported by observations
on the change in electrical resistivity of Al-Cu wires during
deformation, which showed anomalous increases at room temperature,

(52,53)

which were not observed at 77°K.

Investigation of this effect was carried out by means of
interrupted tensile tests. To distinguish between strain ageing

(Section 3.2.2) and strain-induced precipitation, Greetham and
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Honeycombe(js)

used different testing procedures on Al, 4.5 wt.% Cu
gingle crystals. Specimens were either rested for a short time

(under load, or unloaded) at the testing temperature before restraining,
or rested, unloaded, at a higher temperature before restraining.
Solution treated crystals exhibited transient yield points (strain
ageing) and permanent flow stress increments (strain-induced
precipitation) after interrupting tests at 77°K for a short time

at room temperature, Only a permanent increase was obtained for

(54)

reverted Al-Cu crystals s, 8ince the vacancy concentration was
much lower than in the solution treated alloy. Ageing at room
temperature, during room temperature deformation, produced only a
permanent increase in flow stress(35’36), which was less than that
found during deformation at 77°K. This indicated that some

strain-induced precipitation had already occurred before the test was

interrupted.

Aged crystals containing GP(1) zones and fully aged crystals
containing GP(2) and ' also showed, after testing, both transient
and permanent increases in the flow stress, which, however, were
smaller than those of the solution treated crystals. Their existence,
nevertheless, implied that the matrix was still supersaturated,

even in the fully aged condition,

Overaged crystals showed only a strain-ageing effect after
resting at room temperature during deformation at 77°K. The matrix

was estimated to contain approximately 0.%% Cu at this stage.
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3.2.4 Yield points.

In single crystals, yield points have been observed which are
associated with the geometrical changes due to slip. The phenomenon
is known as geometrical softening, and it occurs in crystals with low
work-hardening rates deforming by single slip. It is caused by the
rotation of the slip direction in the crystal towards the tensile
axis. The yield effects may consist of loaa drops, or abrupt changes
in the direction of the stress-~strain curve at the start of plastic
flow. Examples of yield point effects have been observed in solution
treated Al-Cu crystals tested at room temperature and 770K(36) and
in crystals containing GP(1) zones tested at 770K.(36’37)

Kelly and Nicholson(S) proposed that where the C.R.S.S. for
precipitation-hardened crystals was sufficiently large and the
work-hardening rate sufficiently small, then an instability would be
expected at the yield point, The work-hardening rate on the load-

elongation curve was given by:-

ar Ao 1 T T.tand A
a4 T cos Qg.lg ( cosZ N . cos Py ° da sin Ag ) 3.1.
where AO = Initial cross~sectional area of crystal.
@0 = Initial angle between tensile axis and glide

plane normal,

KO = Initial angle between tensile axlis and slip
direction.

T = Resolved shear stress.

%ﬁg = Rate of work-hardening of resclved shear

stress-glide strain curve,
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If -éE;- was not sufficiently large, then an instability, (-%% < .0 )

would result, when,

1 dt T tan>® A
cos® N, cos 9o ° da sin Ag
e 4T o T tan 2 N, cos N, cos @,
da

For typical values of A and @, each equal to approximately 450,
cos N. cos @ is approximately 0.5,

thus: -

dv T
—— — '2‘
iz ° 2 5

For pure f.c.c. metals, %g% during easy glide is of the order of
1 kg/mmz, and the C.R.S.S. is very much less, so that no instability
ocecurs. In alloy crystals, the rates of work hardening during easy

glide may still be only approximately 1 kg/mmz, but the C.R.35.5. is

much larger, and tests are unstable.

(37)

A second approach was mace by Price and Kelly as a result

of studying yield points in zone hardened Al-Cu, Al-Ag and Al-Zn
erystals. The distinction between geometricl softening and genuine
yield=points was made by predicting the course of the load-.elongation
curves, after yielding, in crystals with zero work-hardening rates,

as a result of geometrical softening, then comparing these with the

experimental curves. From the Schmid equation(55):—

T = . cos AN, cos @,
where T = shear stress on the glide plane.

P = tensile load
A = cross-sectional area

N 9 are as above,
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. . . A
it was shown thet since the slip plane area, oo @ remagined constant

. . P. cos 5irfho v& N .
during single slip, then T - -——:I-ia (- z71572)2, where the teasile

sin Mo

strain, &, is given by, 1+ & - =

*

T.A sin? A -k
Thus,P:m (1—‘(2}11_4_;:‘32)2.

and for a zero work hardening rate, T 1is independent of € and is

given by:-
Py .
T = To =7~ .C08Po. coOS Ao . where Po = load at yield.
0 ) N
e P =Poicosho (1 _ sinho I 3.3

(148)°
It was predicted, therefore, that an initisl yield drop occurs
in any crystal when there is no work-hardening, regardless of

orientation,

The Al-Cu and Al-Zn crystals showed good agreement between the
measured load-elongation curve and the calculated one over the region
of negative slope af ter the yield. These yield drops were attributed
to geometrical softening. The Al-Ag crystals showed more rapid yield
drops than those predicted by geometrical softening, and these were

attributed to a genuine yield point.

3.2.5 The temperature dependence of the mechanical .properties.

This has been determined from the changes in the yield stress
and the form of the stress-strain curves at different testing
temperatures, and from measurements of the reversible change of flow

stress.
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For pure aluminium single crystals, the C.R.S.S. increases
markedly at temperatures less than 150 - ZOOQK.(56) The increase
between room temperature and 77°K is approximately 400%. (The
increase in elastic modulus over this temperature range is approximately
6%). The temperature dependence is almost 1 kg/mm2 / 100°K at 77°K.(56)
For polyecrystals, the temperature dependence of the proof stress
is probably very similar, (the temperature dependence for Cu
polycrystals is approximately 0.5 - 1 kg/mm2 / 100°K at 779K.(57))
It should be noted that these temperature dependences may simply
reflect the feny large temperature dependence of the rate of
work-hardening in f.c.c. metals. This is almost certainly true for
polycrystals and may even be true for single crystals, since the
temperature dependence of fhe stress at which plastic deformation
is first detected (approximately 10—%% strain) has been found to be
about 0.1 kg/mm2 / 100°%K at 77°K for both single crystals and

(58)

polycrystals of pure aluminium.

In the age hardening alloys, the temperature dependence of the

yield stress is highest for solution treated, and lowest for aged

(28,58)

material. Solution treated or reverted Al, 4 wt.% Cu crystals

show a marked increase in C.R.S.S. at temperatures less than 150°K -
2OO°K(28’5h’59), which is of the order of 50% between room temperature
and 779K.(28’29’54’59) The temperature dependence at 779K is
1.5 = 3 kg/mn2/ 100°k(28234:59) £ this alloy, but for Al-za
is only 0.5 kg/mn?/'100°K(60). Polycrystalline aluminium solid

solution alloys show very temperature dependent rates of work-hardening
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which increase with the solute content in the same way as the proof

(61)

stresses.

In A1, 4 wt.% Cu crystals containing GP(1) zones, the temperature
dependence of the C,R.S.S. is very similar to that of the supersaturated

(28,54,59)

solid solution crystals. For crystals containing GP(2)
zones, the increase in C.R.5.S. between room temperature and 77OK
was approximately 20%,(28’37) and the temperature depeﬁdence at
77°K was 1 - 2 kg/mmz / 1OOOK.(28’59) For Al-Zn alloys containing
2 (37,60)

zones the respective values were 13% and 1 kg/mm and for

Al-Ag, the temperature dependence was very small and equal only to
(39)

that of the elastic constants.

Alloys containing intermediate and equilibrium precipitates
(e.g. 6' and 0 in Al—Cu(28)) show a temperature dependence of the

C.R.5.S. which is similar to that of pure aluminium.

At low temperatures, only Stages I and II appear in the
stress-strain curves of pure f.c.c. metal single crystals. As the
temperature is increased Stage III becomes more prominent.(62)

In solid solution and zone hardened aluminium alloys the extent of
Stages I and II is increased and Stage III is steepened relative to
pure Al. The effect of temperature is gqualitatively the same as

(62)

in the pure metal. The stress-strain curves of polycrystals
consist mainly of Stage III, and for pure Al and Al solid solutions
Dorn et a1(61) have shown that the work-hardening rate and the

ductility both increase as the temperature is lowered.
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Single crystals and polycrystals of alloys containing
non~deformable precipitates have similar stress~strain curves which,

in general, also diverge as the temperature is lowered.

Theré are two contributions to this divergence, which causes
an increase in the flow stress for a given strain at the lower
temperature, First, a reversible cémponent, representing the effect
of temperature on the flow stress of a given deformed structure
(i.e. the distribution and density of dislocations) and second,
an irreversible component, which represents the effect of temperature
on the deformed structure produced. To separate these, the reversible
component is measured by strainipg at alternate temperatures(gs).
For pure aluminium crystals the ratio of the flow stresses was found
to be independent of deformation for strains greater than 5%(63).
The ratio at any temperature T, to that at 0°K (obtained by
extrapolation), increased markedly for T less than 200°K. At
higher temperatures, the ratio was never less than 0.75(58). Thus,
the true tempefature variation of the flow stress is associated
principally with the difflerence in the deformation structures

produced.,

For reverted Al, 4 wt.% Cu crystals, the‘flow stress ratio
increases with deformation(54> due to strain induced precipitation.
Crystals containing GP(1) zones, 6' wpr © precipitates behave in a
similar way to pure‘aluminium(28’5h), but for those containing

GP(2) zones, the flow stress ratio was constant with strain(zs).
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Kelly(64) and Byrne, Fine and Kelly(28) emphasised the differences
between these alloys by plotting the difference in flow stress at
273°K and 77°K (0,, -0 ,,5) as a function of the flow stress at
273°K. For alloys containing GP(1) zones, O »7 = O ,, 5 remained
constant, for alloys containing GP(2) O,, - O ,,3increased slightly
and for alloys containing ©' and 6, O,, - O ,; increased markedly
with deformation at 273°K. This was interpreted(8’28) as'indicating
a small increase in dislocation density with deformation for alloys
containing GP(1) and GP(2), similar to pure Al, but a large increase

in dislocation density, and therefore in the temperature depRendence

of the reversible flow stress in alloys containing 8' and 6.

3.3 The Metallography of Aged Alloys

This has been carried out by means of optical and electron
microscope replica examination of slip lines, and thin foil
transmission examination of deformed structures and the dislocation -

precipitate interactions responsible for them.

The deformation of Al-Cu single crystals in the supersaturated
solid solution condition, or containing GP(1) zones, was shown to
occur by single slip on the {111} s, <110> system, producing
large slip steps,(28’31’35’54). Details of these slip bands,
resolved by using oxide replicas(65),showed that the number of glide
lamellae in each band was less than in pure metals, but increased

with the volume fraction of zones, in agreement with earlier

. 66
observatlons( ) that lamellae formation was hindered by solute
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atoms in solid solution. In alloys containing GP(2) zones,
deformation was similar, although the slip lines were observed

(27,28,36)

to be finer As ageing proceeds and €' replaces GP(Z),

(65)

oxide replica examination showed that slip only occurred in
areas free from precipitates and that the slip displacements
decreased until they were unable to asccount for the total strain.
At and beyond the peak, where €' or @ predominates, no slip
lines were visible until the strains were very large, near the

(27’36’67). Oxide replicas(65) showed that most of the slip

fracture
occurred in grain boundary denuded zones. Slip lines were observed

to shear @' precipitates, and to avoid © precipitates. By examining
replicas taken from sections through the specimens, Koda and
Takayama(68) confirmed that, even after 1 - 2% strain, ' precipitates
were deformed. In Al—Mg alloys, Thomas and.Nutting(65) found that

P' precipitates were sheared by slip lines in a similar way to 6!

precipitates, but that P precipitates were a&oided.

Dislocation ~ precipitate interactions in thin foils of aged
alloys have been examined by transmission electron microscopy. In
Al-Cu alloys, dislocations were moved in the foils under the action
of thermal stresses, and coherent and partially coherent precipitates

(14,29)

were observed to be sheared by dislocations but non-coherent

(14)

precipitates were not sheared. Dislocations were held up
momentarily at GP(2) zones and 6! precipitates and bowed between
them before shearing.(69) Similar observations made on Al-Zn,

Al—Zn-Mg(69) and Al-Ag(7o) indicated that dislocations sheared all

except non-coherent precipitates.
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Experiments have also been carried out on Al, 4 wt.% Cu foils
obtained from bulk material and deformed in a straining device in
the electron microscope(71). The structure after ageing to the peak
at 13000 consisted of GP(2) zones within the grains, with marked
depleted zones on either side of 6' boundary precipitates. On straining,
dislocations generated at the boundary precipitates moved predominantly
within the depleted zones, with some fine slip within the grains.
At higher ageing temperatures the denuded zones were less pronounced
and more dislocations moved greater distances within the grains.
The concentration of slip in denuded zones has also been observed

in Al-Ag alloys(72).

The dislocation arrangements in deformed age hardening alloys

(73)

have been compared with those in pure aluminium. Quenched

Al, 4 wt.% Cu alloys had no cell-like substructure, and deformation
increased the number of quenched-in loops and, particularly, helices,
perhaps by the interaction of screw dislocations with vacancies
remaining after the quench, which elongated in <110 > directions.
Quenched Al, 3 Wt.% Mg showed a uniform dislocation distribution
consisting of elongated dislocation loops, but no helices. The

Al, 4 wt.% Ag showed a similar substructure to deformed pureAl
consisting of areas of very low dislocation density separated by
areas of very high dislocation density (cell walls). In overaged

(73)

Al-Cu alloys, containing © precipitates and in internally

(7h) dénse

oxidised Cu alloys containing non-ccherent precipitates

dislocation tangles have been observed forming a cell structure
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commecting the precipitates, with relatively dislocation-free areas
between, In internally oxidised Cu-£l1 glloys, prismaetic dislocation

(75)’

loops were observed surrounding the particles and were
attributed to dislocations cross-slipping past them. Cross-slip

of dislocations around non-coherent precipitates in Al, 4 wt.% Cu
has also been postulatedﬂ71) and claimed to have been observed after
(76)

large strains

The deformation of @' precipitates in Al-Cu alloys has received
considerable attention because the metallographic evidence(14’32’65)
for shearing of these precipitates was incompatible with the
deformation characteristics of alloys containing them.(27’28)
Nicholson, Thomas and.Nutting(14) suggested that ©' precipitates

were sheared at low strains in foils, but only after large strains in
bulk material. Koda, Matsuura and Takahashi(76), made an examination
of dislocation movements in the foils, and dislocation-precipitate
distribution in foils obtained from deformed bulk specimens. After
small strains (2 - 3%), some dislocations were observed to be held

(77)

up at ©' precipitates, and Bonar and Kelly observed dislocations
bowing between 6' precipitatés after 3% strain. After large strains
(approximately 5%) slow dislocations were seen to be held up at
precipitates, but fast dislocations sheared through them. From

bulk materia1(76) and in thin foils(29) tangled and jogged dislocations
and dislocation loops were observed around precipitates. It was

concluded that ©' precipitates were effective obstacles to dislocation

movement at low strains. Evidence of deformed 6' precipitates from
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(65) (71)

replica studies and from thin foils suggests that at high

strains (not less than 1q%(29)brnear fracture 8' is sheared.

In all thin folil investigations of ', contrast effects, or

(14571,76,77,78)
(14)

striations were observed around the precipitates

They have been variously interpreted as noiré patterns , arrested

.(76),

dislopations, interface dislocations, or "antiphase boundaries
dislocation loops around the precipitates(77); or a Van der Merwe

grain boundary dislocation grid(71). Recently, Pollard and Nutting(78),
from a study of primary creep deformation in Al, 4 wt.% Cu containing

@' precipitates, found thet striations also develop around o'

during primary creep, when the dislocation éensity increases to the
samewlue as observed af'ter approximately %% tensile deformation.
' The striations were resolved as spirals or loops around the
precipitates, with Burgers vectors lying in the habit plane of

the precipitate, and therefore could not have been produced by

shearing. The large observed dislocation density (approximately

2 x 1O1o/cm2) was taken to imply that dislocations only moved small
distances, of the order of twice the precipitate spacing, and that
consequently the dislocation sources must have a similar distribution
to the precipitates. It was postulated that the spirals or loops
around the 8' precipitates acted és dislocation sources, and it was
implied that c¢limb away from the interface was necessary first.
Dislocation emmission from networks around ©' had already been

(71)

observed s and suggested as an explanation for the high rates

of work-hardening in these alloys.

(L



- 61 =

Pollard and Nutting considered that the spacing between the
spirals (100 - 500 R) and the strain at which they were found, were
both too small to support explanations of their origin based on
moiré fringes, Lomer-Cottrell dislocations, Orowan loops or interface
dislocations left af'ter shearing. Instead, ' with dislocation
spirals was thought to be an intermediate stage in the 6' < 6
transformation, which required a volume contraction, close to that
calculated from the loop spacing. Since spirals are not observed
around 6' in unstrained material, their formation must require some

deformation.

The operation of dislocation spirals as sources, requiring
climb away from the interface is unlikely to make a large contribution
to room temperature deformation. It should he noted that if the
precipitate diameters are similar to their spacing, the flow
stress by this mechanism would be similar to the Orowan s tress,

but much more temperature dependent.

The comparative behaviour of bulk material and thin foils
will be considered briefly. The uncertainty associated with thin
foil observations is in knowing the rearrangement and dislocation

(79) estﬁmated that

losses which occur during thinning., Hirsch
where dislocation networks were small compared with the foil thickness
the worst losses would occur with aluminium, where approximately
half the dislocations would be lost. Kelly and Nicholson(S) and

(80)

Wilson believed that in aged alloys the initial distribution was

altered considerably by thinning, since dislocations were observed
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to cross slip to the surface to avoid ' precipitates. Swann(73) has
pointed out that with pure metals, no cell structure is found in

deformed thin foils, in contrast to bulk material.

3.4 Theories and their Application

3.4e1 Theories of the flow stress

One of the earliest theories to account for the strength of
age-hardened alloys was that of Mott and.Nabarro(81). They
proposed that the elastic accommodation between precipitate and
matrix, due to differences in their lattice parameters, produced
internal stresses which opposed dislocation movement. The average
of these internal stresses was identified with the yield stress.
In order for this to be so, the flexibility of the dislocation line
had to be taken into account. Unless the dislocation could bend to
a radius of curvature equal to or less than the precipitate spacing,
and so lie in the 'energy valleys' between the precipitates, then
the constraints on either side of the dislocation line would probably
cancel out. Mott and Nabarro derived a formula for the shear yield

stress of a material containing coherent, spherical precipitates:-

T = 2, G, e. T, Seh
Where, G = shear modulus of matrix
e = a misfit parameter, “t ~ %o
rO
where, g = atomic radius

of solvent
atom,
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ry = atomic radius
of solute atom

= T (1 +e)

f = volume fraction of
precipitate

T thus depended only on the volume fraction of precipitates,

and not on their number, size or spacing. The dislocation flexibility
criterion for the yield stress to be equal to the mean intefnal stress
was derived by equating 2.G.e.fito the Orowan stress, (see equation 3.5
below), from which it was shown that the precipitate spacing, 4,

must be > TE%;E? where b = Burgers vector of dislocation.

For d<£:%??i the yield stress was less than 2.G.e.f,

For d =5:%T?:the yield stress reached a maximum value of Z2.G.e.f.

and d was then known as the eritical dispersionm.,

For 4 > ng~§3 the strength remained constant at 2.G.s.f.

Hart( )

showed that at the 'critical dispersion' dislocations
must pass through the precipitates, since the stress required to
expand dislocations between precipitates with that spacing would be
twice the Mott and Nabarro stress, i.e. 4 Gef. Xelly and

(8)

Nicholson have shown that the temperature dependence of the
flow stress predicted by this model is small, since the activation
energy required for a dislocation to overcome the opposing internal

stress is of the order of 250 eV, which is much greater than could

be obtained from thermal fluctuations.
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An alternative theory, proposed by Orowan(az) associated the
yield stress with the precipitate spacing. Dislocations moving in
a material containing hard second phase particles are held up at
the particles, and an additional stress is required to expand the
dislocations between them. Once the dislocations are forced into
a semicircular form, they are able to by-pass the particles, leaving
encircling dislocation loops. The stress required is the additional
yield stress due to the precipitates,

T

TzTT 3.5

where, T = line tension of dislocation

b = Burgers vector of dislocation
£ = radius of curvature of
dislocation
.. d
For a semicircular form, p = T

where, d = spacing between particles

in the slip plane,

i

therefore, T = ggé*

Orowan proposed that for overaged alloys, the decrease in yield

stress was caused by the increase in d.

The main drawback to the application of this equation is the

uncertainty of T. Cottrell(85) used the expression:-
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where, G = Shear Modulus

b = Burgers vector of dislocation
V = Poissfon's Ratio
d = Precipitate spvacing in

the glide plane

Kelly and Nicholson(8) used an adaptation of the Nabarro

expression for a circular loop to a semi~-circular one, viz.,

where, @ = a factor describing the
mean between an edge and
screw dislocation.

2
Both these expressions are of the form, T = Q.G.b

Bonar(29) showed that for realistic values of é/b for éged
Al alloys (within the range 25 to 3000), @ varies only between
0.25 and 0.75 in Kelly and Nicholson's formula, and is usually
apprgximated to 0.5 in calculations., In the Cottrell expression a

has about twice this range of values.

The most useful form of the Orowan cixterion is then;

2 4,G.Db

T = - 3.6

where, @ & 0.5

For an aged alloy, the solid solution contribution (T, ) is
added to this, and Kelly and Nicholson(B) used the formula:-

(reb . d -
s TR @ In ( T

21‘) 2
° d-"21‘ .
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where (d - 2r) accounts for particle
sizes which cannot be neglected compared with their spacing. The
temperature dependence of the flow stress predicted from this model

is equal only to the variation in the elastic constants.

Although Orowan's theory was derived for spherical particles,
the particle size does not appear in the final equation (3.6) when
the spacing is large. If the theory still applies where the spacing
is small and the size of the non-spherical particles is large, then

difficulty arises in assigning realistic average values to d and r.

Ansell and Lenel(au) thought that the plastic strain associated
with the Orowan mechanism was too small to produce detectable
plastic flow at the yield stress. As an alternative, they
identified the yield point with the stress to yield or fracture the
precipitate particles, as a result of dislocation pile-ups against
them. Kelly and Nicholsoh(S) have severely criticised this theory
on the grounds that the stress on the leading dislocation due to the
pile-up will be sufficient to expand it between the particles.

Also, the plastic strain associated with shearing the particles
was shown to be even less than that associated with dislocations
expanding between them, since the particle spacing is always greater

than the particle size.

Kelly and Nicholson(g) proposed a theory to account for the
strength of aged alloys based on dislocations shearing the precipitates.

The work done by ﬁhe applied stress was equated to the energy change
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after shearing. This energy change arises from the creation of
two new surfaces during shearing, viz., the increase in contact
area between precipitate and natrix and the formation of an internal
interface if the precipitate structure is ordered. Considering

the slip plane as a whole, the applied stress to move a dislocation

was given by:-

NG
’C:i%-n—l-—g—'.g;i 347

where, ¥ P Surface energy of the
internal interface

Y g = Surface energy of the
particle/matrix interface

f = Volume fraction of precipitate
b = Burgers vector of dislocation
r = Mean planar precipitate radius

Iin)>‘Y g then 7T iszaépendent of particle size and shape. If
the precipitatesare not internally ordered, then Y’P =0 | and
_Ne | £Yg
x T
This is a Jower limit to the applied stress to move a
dislocation; +the upper limit was obtained by considering the

energy balance for one precipitate. T was then given by:

T:l_._:l;_
0 d
where I = Average length of dislocation
lying withir. the precipitate
d = Mean planar particle spacing
¥ = Total interfacial energies,

including disordered internal
interface, particle/matrix
interface and the dreation of
interface dislocationd,
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For coherent spherical precipitates,

4
N .r?
t = &, XiZ 3.7.(b)
2 b
The concept of interfacial dislocations was introduced by
Fleischer(85), who visualised that if the lattice parameters of

the matrix and the precipitate were different, then the passage of

a dislocation through the precipitate Would produce a misfit
dislocétion at the precipitate surface. The extra surface energy
contribution associated with the production of an interface dislocation

was given by Kelly and Nicholson(s) ass—
0-6. G’o b.

Where, G = Shear ¥odulus

b = Burgers vector of dislocation
in matrix
Ab = Difference between Burgers vector

of dislocation in matrix and
precipitate.
For the general case of non-coherent, non-spherical precipitates,
Kelly and Nibholson derived the hardening due to the cutting of

precipitates as:-

1 - G. b2 2
T = 37a { Yp. 1. d  +  Ag. Y s *t-—%  + cos o} 3484

=
@
e
“(D
[
Il

Average length of dislocation
line within the precipitate

=
0

Particle/matrix interface area
produced when dislocation moves
forward b

Q
fn

Angle between dislocation line and
its Burgers vector.
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The first two terms arise from the formation of an internal
disordered interface, ani the increase in particle/matrix interface,
including the formation of interface dislocations, respectively,
during cutting, The third term takes into account the formation
of dislocation dipoles formed at the precipitate interface due to
the slip planes in matrix and precipitate not being parallel.

For thick precipitates, the first term was thought to be the

most important. Xor thin precipitates or those not internally
ordered, the second term predominates, and predicts a resistance
to dislocation motion which depends on precipitate orientation.
For aluminium alloys, the third term has been shown(8’86) to make

only a small contribution.

The temperature dependence of the flow stress predicted
by this theory has been obtained from the general theory regarding
the thermally activated motion of a dislocation through obstacles

(87) The obstacle

in its glide plane, having rigid energy profiles.
is assumed to be cut in a single activated event, and the form of

the temperature dependence is given by:-

U KT &g, (2
T o= o7 - (g e 2 )Y ]

Activation energy for cutting
at 0°K in absence of stress

where, Uo

v = Activation volume

k = Boltzmanns constant
T = Absolute temperature
& = Constant

£ =

Strain rate
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The flow stress is therefore predicted to be a linear function of T2,

Another strengthening mechanism has been proposed by Hirsch and

Kelly(88).

If a dislocation passes through zones or precipitates

in which the separation of the partials is increased, then its
energy will be lowered and the work done to pull the dislocation
away represents an increase in yield strength. This will occur
when the stacking fault energy is lower in the zones or precipitates

than in the matrix, provided that the elastic modulii of the two

nmaterials are similar.

For a constant volume fraction of zones or precipitates,

very little strengthening was predicted for sizes much smaller than
the stacking fault width in the matrix, but with increasing zone

or precipitate size, the strengthening increased up to a maximunm,
corresponding to sizes of the order of the stacking fault width
within the zones or precipitates themselves. For sizes less than
this, the yield stress increases as a function of r-%, (where r =
zone or precipitate radius), and beyond this size, as r%. In the
maximun strengthening region, the yield strength is proportional

to Y,-¥,,

where, Y Stacking fault energy of the

matrix

n

Y1 Stacking fault energy of the

zones of precipitates.
Here, the temperature dependence of the yield stress is governed

by that of (Y, - ¥, ), which would probably be small for aluminium



-7t -

alloys. For smaller particle sizes, thermal fluctuations would
reduce the strengthening effect, but, in this region, solid solution

effects might be more important.

5.4.2 The application of theories in alloys containing
coherent precipitates.

Tests of theories for the flow stress of aged alloys have been
carried out on single crystals, since the precipitate distribution
is more uniform than in polycrystals and grain boundary effects

are avoided.

Kelly, Lassila and Sato(39)

showed that for Al, 20 wt.% Ag
crystals containing spherical GP zones the C.R.S,S. was 7 - 10 Kg/mmz.
On lMott and Nabarro's theory, using values of e.f from the change

in lattice parameter with % Ag, the calculated C.R.S.S. was only

2 kg/mmz. The spacing of the zones was too smpall for Orowen's theory

to apply at the observed values for C.R.S.S. Kelly(89) applied the

cutting theory and used a value1for Y estimated from reversion data

: . NT Yl 22 .
in the equation:T= S -AEE——— to obtain a shear stress of

(90)

7 kg/mmz, in good agreement with the observed value. Williams,
assuming that the C.R.S.S. was governed by disordering of the internal
interface during cutting, estimated Yp from reversion data, and

used the equation:'t::.f%xn_ to obtain a shear stress of only

0.5 kg/mmz. Thus the major part of the flow stress results fron

particle-matrix interface effects, and not from internal disordering.
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Hirsch and Kell&(88) estimated from their model that the C.R.S.S.
for peak aged alloys was 7 kg/mmz, in agreement with Xelly's value(89).
They pointed out, however, that the stacking fault model, unlike
the others, predicted a yield atrength dependence on zone radius for

a constant volume fraction of zones, in agreeiment with experimental

observations.

For Al, 12 at.% Zn alloys containing spherical GP zones, Dash
and.Fine(6O) showed that the C.R.S.S5. was 9.5 kg/mm2 at 0°K. From
Mott and Nabarro, the mean internal stress was calculated to be
5 kg/mmz. The Orowan criterion was not applicable, for the same
reason as for Al-Ag. ¥o direct application of the cutting theory
has been reported, and there appears to be no systematic study of
reversion undertaken on Al~Zn alloys to enable ¥ to be estimated.
Indirect evidence for zone cutting was obtained by Dash and Fine(60)
who found, wusing crystals of several compositions, that the C.R.S.S.
varied as a function of f% rather than f,'as predicted by Mott
and Nabarro., Further evidence was obtained by Price and Kelly(57)
who founé that the C.R.S8.S5. for fully hardened crystals aged at

roon temperature was independent of zone size, (which was varied by

altering the quenching temperature).

Stacking fault strengthening was also considered to be important
in this a110y588), although quantitative verification was not
possible since the elastic modulus and the stacking fault energy of

the zones were not known. Jones(91) showed that at 77OK, af ter

very short ageing times, the C.R.S.S. remained independent of zone
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radius for values less than approximately 10 R, but then increased

up to a maximum at 30-40 X radius. This, together with the fact that
other workers had shown the volume fraction of zones to be constant
over a wide period of ageing, is in qualitative agreement with

Hirsch and Kelly's theory, which also predicted a maximum yield stress
of the same order as that observed assuming reasonable values for the

stacking fault energies of the matrix and zones.

The temperature dependence of the flow stress for both Al-Ag
and Al-Zn alloys has been analysed by the method described above to
determine the nature of the dislocation / precipitate interactions.
Both Mott and Nabarro'!s theory and Kelly and Nicholson's theory
predict a linear dependence of the C.R.S5.S, on T%, but the
activation energy, Uo’ for a dislocation to overcome the Mott and
Nabarro mean internal stress would be of the order of 200 - 300 eV,
whereas for cutting, U, could be smaller. Experimentally, UO was
obtained from the slope and intercept of a plot of C.R.S.S. against

2
. U0 for Al-Zn was approximately 4 eV,(6O)

(39)

and for Al-Ag was

approximately 6 €V, which was thought to support the cutting

theory,(s).

Although Al-Ag and Al-Zn are both hardened by spherical GP
zones, the temperature dependence of the C.R.S.S. was much larger

for Al-Zn than for Al—Ag(6O). For the latter alloy the temperature
(39)

dependence was equal only to that of the elastic constants

Dash and Fine(6o) were unable to explain this satisfactorily, but

(37)

Price and Kelly pointed out that when the temperature dependence
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of the C.R.3.8, for the solid solution matrix 1s subtracted from

that of zone hardened Al-Zn, the remaining temperature dependence

is very small, and is approximately equal to that of the elastic
constants. In the case of Al-Ag, the s0lid solution strengthening

of the Ag atoms in Al is known to be negligible(39>. Although the
temperature dependence due to the zones alone im Al-Zn has

therefore been overestimated, the conclusion that dislocation cutting

is responsible for strengthening remains unaltered.

For Al-Cu alloys containing GP(1) zones the C.R.S5.S. is
approximately 7 kg/mm2 at room temperature, rising to approximately
14 kg/mm2 at OOK(28). The }ott and Nabarro stress has been
estimated as 11 kg/mm2 (8) using e,f values from changes in lattice
paraneter, and as 8 kg/mm2 (27) using f values from the metastable
(29)

equilibriun diagram Both estimates are good, but since GP(1)

zones are not spherical, and their spacing is not > Z:%T?., then
the theory cannot be applied. Kelly and Nicholson(S) and
Fleischer(86) approximated the elastic stress field around a zone
to that of an edge dislocation loop and calculated that the flow
stress required to force a dislocation through it was approximately

3 kg/mmz. Kelly and Nicholson(S) concluded that coherency stresses

do not account for the total flow stress.

The zone apacing was shown to be too small for the operation

(93)

of the Orowan mechanisn The cutting theory has been applied
by Kelly and Fine,(93), who estimated the value of Y, from

reversion data. Since there is no internal ordering in GP(1),



-75 =

YP = 0 . Applying Byrne, Fine and Kelly's values of Y to
Kelly and Fine's calculation, the flow stress ranges from

0.5 - 2.0 kg/mmz, depending on the reversion data used. Kelly and
(8)

Nicholson estinated that the additional contribution to Y

due to interface dislocation formation was very small, although
Fleischer(86) had estimated that the flow stress contribution fronm

this was approxinately 1.6 kg/mmz.

Although one of the major arguments for the cutfing theory
was the temperature and strain rate dependence results of Byrne,
Fine and Kelly, considerable doubt has been cast on the validity .
of the analysis applied to the Al-Cu system as a result of Price
and.Kelly's(37) observations on Al-Ag and Al-Zn. There is no
method for accurately determining the solid solution contribution
in Al1-Cu alloys, and although disc shaped zones are expected to
produce a strong temperature dependence of the flow stress, it has

been shown experimentally that solid solutions of Al-Cu, are themselves

strongly temperature dependent.(28937:54)

The strongest evidence for zone-cutting in Al-Cu alloys conmes
from the metallography and the mechanical property measurements,
(Sections 3.2.1 and 3.3). A guantitative assessment of the
contributions to the strengthening, caused by GP(1) zones, has

been made by Fleischer(86) and Bonar(zg).
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Fleischer(86) pointed out that only ¥ of the zones, i.e., those
lying parallel to the Burgers vector of the dislocation, experience
a net energy change when sheared, The remainder of the zones, because
of their relative orientations undergo energy changes which cancel.
The strengthening was attributed to the sum of the interface dislocation
effeet, coherency stresses and an effect caused by the difference
in elastic modulus between matrix and precipitate. Kelly and
Nicholson(g) argued that after the passage of the first dislocation,
further slip on the same plane would produce a positive net energy
change for all the zones after shearing, but Fleischer(86) thought
that the presence of interface dislocations would prevent further
slip on the same atomic plane. Kelly(94) and Kelly and Nicholson
also criticised the fact that the major strengthening contribution
arose from long range effects, i.e., coherency and the elastic modulus
difference, for which the average was probably zero, since
precipitates in front of and behind the dislocation and above and
below the slip plane produced effects which céncel. Fleischer(86)
thought that when dislocations were pressed against zones, under the
applied stress, the nearest zone produced the largest effect and the

others could be neglected.

(29)

Bonar considered that in order for any long range effect to
contribute to the hardening, the precipitates must be spaced so that
under the applied stress the dislocation could bend to a radius of

curvature equal to, or less than, this spacing, and so lie in regions

where the stress field is & minimum., This condition has already been
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described for Mott and Nabarro's theory and is given by:-

d > E-’—-%-:-.—b- ) 3.9-

T
Where, d = mean planar precipitate spacing

Q@ = constant in Orowan Criterion, & 0.5
G = shear modulus
b = Burgers vestor

T = applied stress

For GP(1) zones, d was shown to be too small tm fulfil this
criterion, and the strengthening was attributed to the sum of the solid
solution effect, determined experimentally, the change in interfacial

energy, and the formation of interface dislocations.

Bonar estimated the interfacial energy change from the equation

T‘:-%%%', assuming a value of 300 ergs/cm? for ¥ , and excluding

the interface dislocation contribution because it was thought that
only % of the zones contributed to the increase in interfacial energy,
and the interface dislocation contribution was confined to the
remaining % of the zones. For Al, 4 wt% Cu, it was estimated that
the solid solution contributed approximately 1 kg/mm2, the inerease

in interfacial energy approximately 2 kg/mm2 and the interface
dislocations approximately 5 kg/mm2 to the C.R.S.S., compared with

the measured room temperature value of approximately 6 kg/mmz.

For alloys containing GP(2) zones, the strongest evidence for

zone shearing is from metallography and the stress-strain

characteristlcs. (Sections 3.3 and 3.2.1). Bonar(29) predicted
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the same sources of strengthening as for GP(1), and for Al, 4wt.% Cu
erystals aged at 13000, estimated the solid solution contribution

as approximately 0.5 kg/mmz, the inerease in interfacial energy
(assuming ¥ = 200 ergs/cmZ.) contribution as approximately 7 kg/mm2
and the inte?face dislocation effect as approximately 3 kg/mmz,
compared with the room temperature experimental value, 10.4 kg/mmz.
For GP(2) in alloys aged at 190°C, it was found that the spacing
near the peak, where some &' was present, could result in long

range c¢onstraints also being effective,

(95)

As ageing proceeds, Kelly attributed the initial rise in
yield stress to the ingrease in volume fraction of precipitate.
Jones(91) has shown that an alternative explanation is more

feasible for Al-Zn aged at room temperature, and it is possible that

this stacking fault energy nmechanism accounts for the initial rise

in the yield strength from the solid solution value, in other systems.

For A1-Cu aged at 130°C, the C.R.S.S. remains constant until
the rise to the peak, which is assoeciated with the formation of

(29)

GP(2) zones. Bonar's calculations showed that, as these zones
were coarser, the increase in interfacial energy more than
compensated for the diminishing interface dislocation contribution,
resulting from the decrease in J%%L and the increase in zone
separation d. The increase in the interfacial energy cpntribution
arose because, now that the zones were thicker, all three orientations

produced a net increase in energy after shearing. For alloys aged at

190°C, the coarsening of the GP(2) zones accounted for the rise to



- 79 -

the peak, together with the formation of some 8' precipitates,

which were also belleved to be sheared at this stage. As 6' continued
to replace GP(2), the spacing increased, and long range effects
started to operate, since the condition a>&§£ was fulfilled.
Eventually, d reached a value = EJE%E;E , which is the Orowan
criterion, and the C.R.S.S. then decreases with further precipitate
coarsening. Kelly and Nicholson(a) predicted a critical precipitate
size for the transition between dislocation shearing and dislocation
avoiding. For perfect, non-coherent, precipitates the critical
particle size able to be sheared was determined by equating the

stress to shear, (assuming the formation of a high-energy interface)

to the Orowan stress., The critical particle size was given by

_ 26.b%

re = xy ! which for realistic values of Y for oxides and

intermetallics was approximately 100 1. Using a similar argument,
but smaller values for ¥ , ordered coherent and partially coherent
precipitates up to approximately 200 % dianmeter were shown to be
sheared., This was thought to explain the observations on 8' in
Al-Cu crystals. Large coherent precipitates were generally sheared,

and Price and Kelly(37) confirmed this for o' precipitates in Al-Zn.

No quantitative assessment has been made of the interactions
giving rise to work-hardening in alloys containing zones. The
rates of work-hardening are slightly greater than in pure Al and
additional effects which have been suggested are the increasing
difficulty of cross-slip due to a lower stacking fault energy in

the solid solution(37), the formation of interface dislocations(29’37)
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and a decrease in the particle spacing after shearing(zg). In
addition, strain induced precipitation has been shown to occur

during room temperature deformation in some alloys. (Section 3.2.3).

3.4..3 The application of theories in alloys containing

non-coherent precipitates.

The bhange in the stress-strain characteristics of aged alloys
occurs near the peaxk aged condition. (Section 3.2.1).
Metallographic evidence suggests that dislocations do not shear
the precipitates, and the Qrowan theory would appear to apply under
these conditions. Kelly and Nicholson(B) showed that in many previous
investigations on dispersion hardened alloys the QOrowan theory was
wrongly applied. This theory only applied to anhealed specimens,
for which the solid solution contribution must be included, and
et the measurement 'd' in the equation is, in fact, the average
of the shortest distances between adjacent particles in the slip
plane, and is only egquated to the planar interparticle spacing-,
i.e. the distance between particle centres, when the particle size

is very much less than the spacing.

For Al, 4 wt.% Cu crystals containing @ precipitates, Dew-Hughes
and Robertson(96) claimed good agreement with the Orowan theory.
Ansell and Lenel(ah) also claimed agreement between this data and
their own theory. Xelly and.Nicholson(B) pointed out that Dew-Hughes
and Robertson used the Cottrell estimate of the dislocation line
tension, and that their analysis gave a fortuitous result, although,

in fact, the data did fit the Orowan theory since the C.R.8.8, was
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- 1
shown to be a linear function of 1nQQ§%£).-3:§; . The agreement was

within a factor of two, which was thought to be good, since the

precipitates were not spherical.

Ashby(7h) obtained excellent agreement with the Orowan
prediction for results from internally oxidised Cu single crystals
containing a wide range of particle spacings. However, Ashby's
definition of the planar particle separation was different from that
used by Kelly and Nicholson,(s) Dew-Hughes and Robertson(96) and
others, who assumed that the particles were situated on f.c.c. lattice
points. Ashby defined the separation as the radius of the smallest
circle surrounding a particle, within which the probability of finding
a second particle was equal to one. This value is approximately

half that calculated on the lattice point arrangement.

There appears to be very little agreement over the definition
of planar particle spacing in dispersed alloys. This arises from
the different particle distributionsassumed.: In addition to those
already mentioned, planar particles have been considered to be
arranged as if on the lattice points of a simpbé cubic lattioe(97),
or as a cubic arrangement in space,(98), from which a random planar
Separation was calculated. It should be noted that this latter
arrangement predicts a yield stress variation with f% for Kelly and
Nicholson's cutting theory for spherical precipitates, instead of

(98)

1
an £? dependence However, experimental data are insufficiently

accurate to distinguish between them. Regardless of which particle
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distribution is assumed, all estimates for the planar precipitate
separation agree within a factor of appré¢ximately two. This could
contribute to Kelly and Nicholson's conclusions regarding the

experimental agreement with the Orowan equation.

Additional contributions to the flow stress of dispersion
herdened alloys have been considered. Ashby(74) showed that short
range effects due to elastic misfit (Mott and Nabarro) or shear
modulus difference, (Fleischer) causing dislocations to 'stand-off’
from precipitates énd so decrease their effective spacing, were too

small to produce detectable hardening in Al-Cu alloys.

Bonar(29) showed that for Al, 4 wt.% Cu crystals containing
6! precipitates, the agreement between the observed C.R.S5.S. and
the Orowan criterion was excellent. However, particle spacings werse
estimated from transmission electron micrographs, and a probable
error of = 50% was placed on the measured values, due to the errors

involved in measuring the foil thickness.

The temperature dependence of the yield strength predicted by
the Orowan theory is that of the elastic constants. Byrne, Fine
and Kelly(zs) showed that this was so for Al-Cu alloys. This
precluded the operation of cross-slip mechanisms(8’74’99) to account
for the yield stress., Thus, the Orowan theory appears to account
fairly well for the observed strength of dispersion hardened

materials, in the absence of a stronger alternative theory.
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3okl Theories of work-hardening and their application.
The work hardening of these alloys was first considered by

Fisher, Hart and Pry(100)

s who supposed that the increment of
strain-hardening due to the dispersion was caused by the
accunulation of dislocation loops left around the precipitates
af'ter the passage of successive dislocations in the glide plane.

It was shown that the hardening Ty Wwas given by:~-

_ G f‘,g}-N. G, b
Th T r *

Where, ¢ = constant = 3
f = volume fraction of precipitates

N

No. of concentric loops around
" each precipitate.

G = Shear Modulus

b = Burgers vector

r = planar precipitate radius
After the accumulation of a given number of loops, stress relief
occurred by fracture of the precipitate, or slip within the matrix,

This represented the maximum hardening condition, given by

rrh nax, =

Where, T, = a critical value of shear stress
at the centre of N concentric loops.
Qualitatively, the theory predicts a very rapid initial rate
of work-hardening which decreases with strain, reaching a maximum

value, The initial rapid rate of work hardening should increase
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3.

2
with-%% sy 1.6., for a given f, with the fineness of the dispersion.
Also, residual stresses of opposite sign should exist in precipitate

and matrix on unloading. These effects have been observed(B).

Criticisms of the theory are that cross-slip is neglected, and
that the temperature dependence of the flow stress is predicted to
be that of the elastic constants, although, after large strains it
has been observed to be much larger(S). Also, the model is unable
to account for the metallographic observations of multiple slip and
the formation of a cell structure (Section 3.3). Dew-Hughes and
Robertson(96) found that for Al-Cu crystals containing 6 precipitates
T11 was proportional to =§; and not-%?é . Kelly and Nicholson(B)
showed that large values of N were obtained from thece results and
that a soft matrix would most probably yield before the precipitates

fractured,

As an alternative theory(B), cross—-slip was proposed to occur
readily, resulting in prismatic loops being left around the
Precipitates and jogs being formed in moving edge dislocations.
The operation of many slip systems then produces a large increase
in dislocation density, thus accounting for the rapid rate of work
hardening, and stress relief in the matrix, without precipitate
fracture, then takes place by the operation of the prismatic loops

as Frank-Read sources.

Ashby(74) agreed with this model and in order to account for



- 8 -

the formation of cells of a similar size to the precipitate spacing,
with wall thicknesses comparable with the precipitate size, he
suggested that the prismatic loops elongated in the slip direction

and became stabilised by interaction with other loops., From an
estimate of the increase in dislocation density caused by the

formation of loops, together with a contribution from glide dislocations,
it was found that at strains greater than approximately 1%, loops
accounted for the major part of the increase, This implied that

the average slip distance was large. At small strains the observed
dislocation density was greater than that calculated from the loops
alone and, in order to explain this, a mechanism for the rapid incregse
in length of the glide dislocations by a process called 'ribbon slip!

was suggested.

Since the slip distance was large after strains greater then
1%, work hardening was associated with the stress to force glide
dislocations through the forest of dislocations comprising the cell
structure. The increase in flow stress due to work hardening (A T )

was then given by:-

:L b. f's
AT = 2.G‘n /_Ir
Where, G = shear modulus

b = Burgers vector
f = volume fraction of precipitates
€ = tensile strain

r = mean planar precipitate radius
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Thus stress-strain curves are predicted to be parabolic and this
has been confirmed from Byrne, Fine and Kelly's results for overaged

Al-Cu crystals. Ashby's results for internally oxidised Cu crystals
b.f, &
were plotted as flow stressvs. - r , and shown to be linear, as

(96)

predicted. Dew-Hughes and Robertson's results were also shown

to support this relationship, since the increase in flow stress at

b.f
7% strain was a linear function of r .

3.5 Fracture

Ductile fracture of pure metals and alloys stressed in temsion
generally takes the form of a cup and cone failure. A cavity is
believed to be nucleated in the centre of a necked specimen, and this
propagates transversely, to form the fibrous cup portion. A rapid
shear: then takes place near the specimen surface, tforming the cone.

Nucleation of cavities haé been shown by Tipper(101), Puttick(102)and
(103)

Rogers for example, to be associated with inclusions in the

(1oy)

material, but Besevers and Honeycombe cbtained

results to suggest that cavities may also be nucleated by dislocations
(58). The coalescence of these cavities to produce transverse growth
was once thought to occur under the influence of triaxial stresses
in the neck. The fracture path, however, adfances aiong alternate

(58)

directions of maximum shear stress , although its average path
is transverse, and Rogers(103) suggested that the regions of heavy

localised shear ahead of the cavity, nucleated sheets of voids which
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failed under the superimposed tensile stress. The formation of
the cone was thought to occur in a similar way, producing a final
45° separation near the surfacea(105) This final stage was shown

to be absent in inclusion-free material(106) and in some pure

metals at room temperature, which exhibited double cup fractures,

Both ductile and brittle fractures have been found in age
hardening alloys, and Geisler(25) showed that the mode of fracture
shanged as ageing proceeds. Ryder and Smale(107) have studied
isusile fractures as a function of cgeing, in four different . Al
alloys, viz. superpure Al, 7.3 wt.% Zn, 2.6 wti% Mg and Al, 3.9 wt.%
Cu and commercial Al, 3.9 wt.% Cu, 1.0 wi% Mg (L.65) and Al, 4.7 wt.%

Zn, 2.3 wt.% Mg, 1.3 Wt.% Cu (DTD 683).

In superpure Al-Zn-Mg, the solution treated and lightly
aged specimens showed considerable grain elongation before fracture,
which was of the transcrystalline, double 450V -~ shaped type.
Longitudinal boundary cracks were evident near the fracture, and
these were attributed to the boundary strength being too low to
withstand sliding., However, the incidence of cracks increased with
ageing time, whereas the boundaries might be expected to be
strengthened. This together with the lower ductility after ageing
should decrease the amount of boundary sliding. Replicas of the
fracture surfaces, examined in the electron microscppe, showed a
dimpled pattern characteristic of dactile fractures(108). Alloys

aged before the peak exhibited bright facetted intercrystalline failures



- 87 -

Replicas of the fracture surface showed half voids on a featureless
background, which was interpreted as brittle fracture initiated by
the fracture or loss of cohesion of boundary precipitate particles.
This type of fracture occurred until well after the peak, and was
thought to indicate that the grain boundaries probably overaged
repidly to an equilibrium state, since the true fracture stress was
constant over this period of time. Heavily overaged alloys showed
cup and cone fractures and ductile dimpled patterns on electron

micrographs of replicas. No grain boundary cracking was observed.

Superpure Al-Cu a2lloys in the solution treated condition
showed 450 transerjstalline fractures, but no grain boundary cracking,
and in the lightly aged condition (165°C ageing temperature)
exhibited double cup fractures. When aged just before the peak,
fractures were intercrystalline, with dull facets, and 450 boundary
separations were observed behind the fractures. Electron micrographs
of replicas showed the characteristic dimpled pattern of a ductile
shear, with a small particle in each dimple. This, together with
the absence of large precipitates, suggested that shear stresses
parallel to the boundaries were more important then the tensile
stresses across them, and that failure occurred within the grain
boundary precipitate-depleted zone. Both the commercial alloys
retained their characteristié banded structure after heat treatment.
Solution treated alloys exhibited jerky flow (Portevin-Le Chatelier
effect), which produced 450 deformation bands across their gauge

lengths. Fracture occurred in a duectile way in one of these bands,
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probably by void growth from gas cavities and inclusions as a result

of the reorientation of the fibre structure by sheariqg. Lightly

aged Al-Zn-Mg=Cu alloys fractured inthe same way, but lightly aged

and peak aged Al-Cu~-Mg alloys showed cup and cone fractures. This

was not fully understood. The aged Al-Zn-Ng-Cu fractured in a

brittle manner on active slip planes. Electron micrographs of replicas
showed flat plates of precipitate on a featureless background, together

with some ductile areas., No detailed fracture mechanism was suggested.

Observations by Forsyth and Wilson(71)

on the fracture of

Al, 4 wt.% Cu foil in the electron nicroscope showed that alloys
always fractured along precipitate~depleted zones by thinning and
nultiple slip within the zone, before fracturing within the grains.
This agreed with Ryder and Smale's observations: on the fracture of
peak aged Al, 4 wt.% Cu bulk material. Lerinman et al(72) found

very large shear deformation in the dsnuded zones of deformed

Al~-Ag alloys.

The fracture of single crystals of age hardening alloys has
also been studied. Aged Al—Zn(1O9) and Al—Ag(39) crystals have
been found to fracture along coarse slip bands where large amounts
of deformation had taken place, although no necking asourred.
Dew-Hughes and.Robertson(27) found a similar behaviour in Al, 4 wt.%
Cu crystals containing GP(1) or GP(2) zones. The fracture plane
was {111} » Which was either the primary or conjugate slip plane,

or parts of each, if sufficient rotation occurred. The fracture
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of crystals containing 6' or 6 precipitates was described as being
similar to polycrystals, and appeared to consist of a double 450

V-shaped fracture after necking.

Beevers and Honaycombe(11o) studied the fracture of Al, 5.5 wt.%
Cu crystals, and Price and Kelly carried out a similar study on
AL, 3.7 wt.% Cu, AL, 20 wt.% Ag, AL, 15 wt.% zn¢ 1) and cu, 1.5 wh.%
Be(4o) crystals., Coarse slip band fracture was found at all stages
of ageing in the Al, 5.5 wt.% Cu crystals, even in the solution
treated and peak aged at 165°C specimens, and in the other alloys
aged to contain GP zones., In these other alloys, Price and Xelly
found that solution treated crystals ruptured by necking down to
a chisel edge, and that crystals containing intermediate precipitates
fractured at 450 by necking after the manner of rectangular-sectioned
polycrystals. The coarse slip band shearing type of fracture was
examined in detail. Beevers and Honeycombe found that the measured
fracture stresses resolved on the 5111} fracture planes in < 110>
directions were constant, and Price and Kelly found that the
resolved shear stresses for the first visible formation of coarse
slip bandswas also constant. In both cases, the resolved shear
stresses were very temperature dependent. Beevers and Honeycombe
interpreted the constant resolved fracture stress as evidence for
dislocation pile-ups or dynamic coalescence of dislocations prnduvaing
cracks in the material. Electron micrographs of the fracture surfaces
showed dimples, or ocusps, characteristic of ductile shearing.

The cusps were attributed to the dislocation~induced cracks and not



- 90 -
to inclusions in the material.

A Petch plot of the fracture stress for solution treated
Al, 5.5 wt.% Cu polycrystals tested at 77°K and 293°K over a grain
size range of 6.4 grains/mm2 to 54 grains/mmz showed that the
fracture stress was proportional to df%. This was thought to support

a dislocation pile-up, crack initiation model.

Price and Kelly, however, thought that the resolved shear
stress for the initial formation of a coarse shear band was a better
measure of the stress to initiate fracture. They showed that the
formation of coarse slip bands led to localised bhearing within
a given band, and that a crack started at the edge of this localised
shear region and propagated across the narrowest portion of the
specimen to produce a ductile fracture. The crack propagation and
ductile shear were attributed to the presence of inclusions, as
in pure metals, although only 30 p.p.n. impurity was present in

the alloys.

Dew-Hughes and Robertson(27) attributed fracture on coarse slip
bands to the formation of a weakened plane when zones were sheared.
This implies a constant strain to fracture, depending on the shape
and size of the zones, and fracture characteristics depending on
whether the primary or the conjugate plane sheared. No such
conditions were found by Price and Kelly. Possible reasons suggested
for the formation of slip bands were that local softening occurred,

that the rate of work-hardening became too low, or that a phase
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transformation took place. Experiments showed that if the bands

were polished off the specimen, they of ten re-formed in new positions
when retested, thus ruling out local softening. Compression tests
showed that coarse slip bands formed at approximately the same shear
stress as in tensile tests, thus ruling out the low-work-hardening
theory. X-ray examination eliminated the possibility of phase

transformations.

Price and Kelly postulated that the coarse slip band formation
was a prop{erty of the matrix., This was supported by experiments
on cold-worked pure Al crystals, on which necking occurred at
stresses similar to those of the work hardening contribution to
coarse slip band formation in the alloy crystals; i.e. the flow
stress at which coarse slip bands formed, minus the critical
resolved shear stress. Slip bands were thought to result from the
thermally activated breakdown of barriers introduced by deformation.
The nature of the obstacles was not known, but presumably they must
be similar to those forming during stage II of a normal work
hardening curve. These barriers are normally avoided by cross-slip
during stage III. Why they should suddenly be broken to cause coarse
s1lip band formation is not clear. However, differences in the
resolved shear strezss for the formation of coarse slip bands for
differsment alloys would be expected to result from differences in
the properties of the matrix, the most obvious of which is the
difference in stacking fault energy. Price and Kelly demonstrated

that the resolved shear stresses for coarse slip band formation for



- 92 —

the four alloys under consideration were in the correct reverse order

to the alloy matrix stacking fault energies.
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4, RESULTS

4.1 Polycrystals

4.1.1. Mechanical Properties

Ao AL, 3.5 wt.% Cu.

Alloys were tested at room temperature and -196°C after solution
treatment at 500°C and ageing for 0,05 day, 2 days and 10 days
respectively at 190°C. The ageing times were chosen from the results
of Hardy(26) and Silcock, Heal and Hardy(13) to correspond with
alloys containing GP zones, alloys aged to peak, and overaged

alloys, respectively.

The 0.1% proof stress, tmmsile strength and % elongation measured

at room temperature and -196°C are shown in Table 4.1 below.

Table L,.1
Ageing Time | Testing 0.1% Proof Tensile % .
at 199 C Temperature | Stress, t.s.i. | Strength t.s.i. Elongation

0.05 day Room temp. 6ok 15.0 27
-196°C 7.6 19.7 36

2 days Room temp. 11.1 17.7 13
-196°c 13,2 22,6 19

10 days Room temp. 94 17 ol 11

~196°¢C 11,3 22,4 18




T

No previous work has been reperted on the tensile properties

of high purity Al, 3.5 wt.% Cu alloys aged at 190°C.

Ghate and.West(112) quote room temperature values for 41, 3 wt.%
Cu and Al, 4.5 wt.% Cu alloys, solution treated at 525°C,in the

as~-guenched condition, and aged to peak at 130°C. These are

summarised below:=

0.1 % Proof  Tensile %
Stress Strength Elongation
t.s,1, t.5.1.
Al, 3 wt.% Cu ¢ As=-quenched 7+5 4.5 29
Peak at 130°C 13 24 12
A1, 4.5 wt.% Cu : As-quenched 9 19 25
Peak at 130°C 17 28 9

The lower ageing temperature used by Ghate and West account
for the superior properties of their Al, 3 wt.% Cu alloy compared

with the Al, 3.5 wt.% Cu alloy in Table 4,1,

Rohner(113) has quoted room temperature values for a high

purity Al, 4 wt,% Cu alloy, solution treated from 500°C and aged
at 160°C.
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Thesearc summarised below:-

Ageing Time 0.02 % 0.2 % Tensile %
at 160°9C Proof Stress Preof Stress Strength Elongation
t.s.1i. t.s.i. t.s.1.
0,01 day 4.8 7.0 15.3 .19
0.1 day 6.5 8.5 - 174 13
3 days (Peak) 10.9 ' 13.5 19.8 10
5 days 10.7 13,0 19,7 12

As expected from the higher % Cu and lower ageing temperature used
with this alloy, the properties are superior to those of the

Al, 3.5 wt,% Cu alloy in Table 4.1.

Ryder and Smale(1o7) have published ageing curves of tensile
strength and % reduction of area for a high purity Al, 3.9 wt.% Cu
alloy, solution treated at 520°C and aged at 165°C. The tensile
strength of their alloy is slightly greater than that of Rohner

for all ageing times,

Matsuura, Nagasaki and Koda(53) have obtained stress-strain
curves for an A1, 4 wt.% Cu alloy, aged at 160°C and 200°C. The
curves appear to have been plotted as true stress-strain curves,
from which only the values of the proportional limit have been

estimated,
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Ageing time Proportional Limit
tes.i.
0.16 day 160°¢C 10
7 days 160°C (Peak) 1
0.04 day 200°¢C 5
1 day 200°C (Peak) 10

The proportional limits of the alloy aged at 200°¢ agree
with the 0.1% proof stress values of the Al, 3.5 wt.% Cu alloy in
Table 4.1. The lower values of the Japanese alloy are probably
due to the higher ageing temperature used, together with the

inaccuracies in theestimations made from their published curves.

2. Al, 3.8 wt.% Cu, 0.56 wt.% Mg (7:1, Cu:lig)

Tensile tests were carried out at room temperature and at
-196°C on specimens of this alloy, which had been solution treated
at 500°C, and aged at 190°C for times up to 10 days. Solution
treated specimens were tested immediately after quenching., Figs.
4 and 5 are graphs of 0.1% proof stress, tensile strength and %
elongation as functions of ageing time, measured respectively at
room temperature and —196°C. Good agreement was obtained between

three specimens tested after each ageing tinme.

Both at room tempergture and at ~196°C, the 0.1% proof stress
of the peak aged alloy is three times greater than that of the
as—quenched alloy, whereas the tensile strength of the peak aged

alloy is only 35% greater than that of the as-—quenched one.
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The % elongation decreases to approximately 5% at room temperature,

and 10% at -196°C, from as-quenched values of approximately 40%.
s ql

No previous information has been found about the mechanical

properties of this alloy aged at 190°¢. Rohner(113)

has measured
room temperature mechanical properties of a high purity Al, 3.99 wt.%
Cu, 0.53 wt.% Mg alloy aged at 160°C. These results have been
plotted as functions of ageing time in Fig.6. The curves show slower
ageing rates, characteristic of a lower ageing temperature, when
compared with Fig.h; At the start of ageing, and at the peak, the
0.1% proof stresses and the tensile strengths are similar to the 731,
Cu:lMg alloy aged at 19OOC; it is possible, however, that the peak

at 160°C was not reached after only five days ageing. The slightly
higher % Cu and the lower ageing temperature used by Rohner should

have produced superior properties in his alloy.

In Table 4.2 the 0.1% proof stresses and tensile strengths
of the 7:1 Cu:Mg alloy, and the alloy used by Rohner are compared
with the hardness changes of a 7:1 Cu:Mg alloy of similar composition,

determined by Hardy(18) in two similarly aged conditions.
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Table L2
Aged Al, 3,99 wt.% Al, 3.8 wt.% 7:1, Cuilig
Condition Cu, 0.53% wt.% kg | Cu, 0.55 wt.% lig (18)
(113) (7:1 Cu:ll (Hardy™ ™)
(Rohner o} a ed. at 190§C)
aged at 160 C) gec &
0.2% P.S. | T.S. | 0.1% P.S.] T.S. Aged at 160°C | 190°¢C
t.sfi. t‘s.i' t. S.i. t. S.iO DIPII\T. D.P.N
Aged for
0.02 day 9 18 9 19 90 80
Peak 21 24 19 2l 131 120

Hardy!s results clearly show that the alloy aged at 160°C has a
higher hardness, both at the start of ageing and at the peak, than.
the alloy aged at 190°C. Rohner's results, on this basis, seem to be
low and, in addition, from Fig.6 it is seen that his alloy has an

abnormally low ductility at the start of ageing.

o30  Al, 3.3 wto% Cu, 1.5 wt% Mg (2.2:1, Cu:lig)

Figs. 7 and 8 are graphs of the mechanical properties of this
alloy, as functions of ageing time, measured at room temperature and
-196°¢C respectively., Solution treatment and ageing conditions were

identical with those of the Al, 3.5 wt.% Cu and 7:1 Cu:lg alloys.

It is seen that at each testing temperature, the times to the peak
are similar to those for the 7:1 Cusllg alloy, but the ageing kinetics
are different, and the mechanical properties are superior., There

is a more rapid rise to the peak and also more rapid overageing.
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This comparison with the 7:1, Cu:iMg alloy agrees with the hardness
results of Hardy(18), which have been plotted for both alloys in

Fige.9.

The 0.1% proof stress of the peak-aged alloy is slightly more
than twice that of the as-quenched alloy at room temperature, and
slightly less than twice that at -196°C. The tensile strengths,
however, only increase by 30% between the as-quenched and peak-aged
conditions at room temperature énd by only 16% at -196°C, The %
elongation decreases to approxiﬁately 5% at room temperature and

7% at -196°C from as-quenched values of 30-32% and 25-27% respectively.

No previous information has been published on the mechanical

properties of high purity alloys of this composition,

+lis The Effect of Composition

The effect of increasing % Mg in these alloys is shown in
Tables 4e3 and L.k belows. Table 4.3 1lists the room temperature
and -196°C 0.1% proof stresses for the Al, 3.5 wto% Cu, 7:1, Cusllg,
and 2.2:1, Cu:Mg alloys in three conditions, viz., as-gquenched,
lightly aged, (i.e. at the start of the plateau,) and peak aged.

Table L.4 lists the corresponding changes in tensile strengths,
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Table }-I-oé |
0.1% Proof stress, 0.1% Proof stress,
(t,s.io) Room Temp. ] (tQSQio) “‘1 96000

Aged Al, 3.5 731, | 2.2:1, | A1, 3.5 71, | 2.2:1,
Condition wte% Cu CutMg | CusMg | wt.% Cu | CuiMg | CusMg
As~quenched 645 95 8.5 13.0
Aged for
0.02"0.05 day 6.5 9.5 14.5 7.5 14.0 1900
Aged to pesk 11.0 19.0 21.5 13.0 2545 26,5

T&ble }-I-nli-
Tensile Strength Tensile Strength
(t.s.i.) Room Temp. (tes.i.) =196°C,

Aged Al, 3.5 731, 2.2.31, | A1, 3.5 7:1, 24,231,
Condition wt.% Cu CusMg | Cusiig | wte% Cu | Cu:Mg | Cu:Mg
As—~quenched 17.0 21.5 23,0 27.5
Aged for - .
0.02-0.05 day 15.0 19.0 2&-.0 1905 . 26.0 ’ 28.0
Aged to peak 17.5 24.0 27.0 - 22.5 31;0- 31.5

b Load~Elongation Curve characteristics
(1) A1, 3.5 wto Cu. |
After ggeing:fOr 0.015 days at 190°C, and testing at room

temperature, small irregular serrations appeared on the load-elongation
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curve after approximately 10% elongation and continued up to the
point of instability., After this, the serrations became more frequent
and regular, reaching a size which represented a nominal stress drop
of 0,1 t.s.i., and eventually disappeared before fracture, which

occurred at almost zero load.

When tested at -100°C and at —19600, serrations were barely

visible on the load-elongation trace.

After 2 days ageing, room temperatture tested specimens showed
a few irregular serrations between a point mid-way along the work
hardening portion of the curve and the instability point, Here they
disappeared, after reaching a size representing a nominel stress drop
of 0.1 t.s.i. No serrations appeared on curves obtained at temperatures

of —7800 and below.

After 10 days ageing, there were no serrations on the curves
obtained at any temperature. At room temperature and —7800,
specimens showed very little extension beyond the instability point
prior to fracture, but at -125°C and below, nominal strains of

approximately 5% were observed after instability.

(i1) 7:1, Cu:lig.

At room temperature, as—quenched specimens produced a pattern
of irregular serrations between a point mid-way along the work-hardening

portion of the curve and the instability point. At this latter point
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the serrations became more regular, and progressively increased to

a size which represented a nominal stress drop of approximately

0.2 t.s.i. before fracture. Specimens with a small grain size (see
Section 4e1.5.) showed serrations reaching sizes of 0.3 ~ 0.35 tes.i.
Specimens aged for 0,02 day at 190°C showed a similar pattern of

small serrations to that of the as-quenched specimens., The serrations
did not commence until farther along the work-hardening portion of fhé
curve, however, After 0.06 days ageing, fewer irregular serrations
developed on the curves before the instability point. After
instability, the regular pattern of serrations, which did not occur
for all the specimens tested, reached a value representing a nominal
stress drop of only 0.15 t.s.i. After 0.1 day, 6 or 7 widely spaced
irregular serrations appeared before the instability point, and a few

regular serrations of 0,05 t.s.i. developed beyond this.

Specimens aged for more than 0.1 day showed no serrations and

after ageing for 1 day fractured just after the instability point.

At ~196°C, no serrations appeared on any of the load-elongation

curves,

Specimens aged between 0,03 day and 0.1 day; fractured very
shortly after the instability point, but after 0.1 day, nominal
strains between 2% and 5% were recorded after instability, prior to

fracture,
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(iii) 2.2:1, Cu:lg

At room temperature irregular serrations developed on the
curves of as quenched specimens shortly before necking. The serrations
reached values representing a nominal stress drop of 0,3 t.s.i., at
instability., Thereafter, they became very regular, and increased to

0e5 tus.is before fracture,

After ageing for 0.015 day, 6 or 7 irregular, widely spaced
serrations occurred on the curves before instebility. Here they
disappeared, but several regular serrations of approximately 0.3 t.s.i.
reappeared just before fracture. No serrations éppeared on the curves

of specimens tested at temperatures of —7800., or lower,

After ageing for 0.05 day and 0.1 day, 5 or 6 irregular, widely
spaced serrations developed along the work-hardening portion of the
curve, but these disappeared at instability, and specimens fractured

shortly afterwards.

Ageing for more than 0.1 day removed all traces of serrations
on the curves. When aged between 0.1 day and peak, specimens
fractured very soon after necking. After 10 days ageing, the

specimens fractured suddenly whlle the load was still increasing.

No specimens tested at —19600 exhibited serrated load-elongation
curves. As-quenched specimens, and those aged for times up to 0.1

day, fractured almost immediately after reaching the instability point,
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When aged between 0.1 day and 1 day, specimens fractured at the
instability point, and when aged for 10 days, they fractured suddenly

while the load was still increasing.

(107)

Ryder and Smale reported discontinuous yd@lding in solution
treated, and solution treated and slightly aged samples of two
commercially pure Al alloys, viz. AL, L4.66 wt.% Zn, 2.25 wt.% Mg,
1.35 wto% Cu (DID 683) and Al, 3.95 wt.% Cu, 1.0 wb.% Mg, 0.75 wt.j
Si, 0.56 wt.% lin (BS L65)., However, they did not report this type
of deformation behaviour in two superpure alloys, Al, 3.9 wt% Cu,
and Al, 7.3 wt.% Zn, 2.6 wt.% Mg, and offered no explanation. It

is possible that the magnitude of the serrations on the curves of
the superpure alloys was too small to be detected on a "soft" beam
machine, such as the Hounsfield Tensometer, which was used by Ryder

and Smale,

Lele2a True Stress - True Strain curves

Mechanical properties are best described in terms of the true
stress - true strain relationships existing during deformation.
The true stress - %rue strain curve is more informative th;n the
load-elongation curve, since a comparison of plastic behaviour under
different stress systems may be made on this basis. Also, as shown
in Appendix 1, the strain hardening properties of materials may be

related to their true stress - true strain curves.
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In this section, the effect of ageing time on the shapes of
the true stress - true strain curves is illustrated for the three
alloyé. True stresses and true strains have been calculated from
equations 1 and 2 in Appendix 1. Generally, only one curve has been
drawn for each ageing time, since good agreement usually exists

between individual specimens, (eg. Figs. 12 and 13).

ele .Al, 3.5 Wt.% Cu,

Fige10 shows true stress - true strain curves for the three
aged conditions studied in this alloy and tested, respectively, at
room temperature and at -19600. The curves may be compared with
those published by Matsuura, Nagasaki and Koda(53) for an Al, 4 wt.%
Cu alloy aged at 200°C. Although there is no indication that their
curves are plotted as true stress - true strain up to meximum load,
the shapes are very similar to those in Fig.10. From tlatsuura,
Nagasaki and Koda's results, after ageing for 0.0k day, plastic
flow appears to start at 5,5 t.s.i., after 2 days at 9.5 t.s.i.
and after 4 days at 9.0 t.s.,i. The respective limits of uniform
strain are 0,20, 0,08 and 0,10, These values are seen to be very

similar to the corresponding values in Fig,10.

2. Al, 3.8 wt.% Cu, 0.56 wt.% Mg (7 : 1, Cu:lig)

Fig.11 shows true stress- true strain curves of specimens aged
for various times and tested at room temperature and at -19600

respectively.
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3. Al, 3.3 wt % Cu, 1.5 wt.% Mg (2.2 : 1, Cusilig)

Figs. 12 and 13 are true stress - true strain curves of specimens
of this alloy in as-quenched and three aged conditions, tested,
respectively, at room temperature and at —19600. Curves for three
specimens in each condition have been drawn to demonstrate the

agreement between individual test-pieces.

It is clear from Figs. 10 to 13 that the change in form of

the true stress - true strain curve, as ageing proceeds, is similar
for all three alloys; In each figure the curves are of two types,
First, those which are characteristic of "soft" alloys, ie. in the
as-quenched condition, or early stages of ageing, which show low
proportional limits, gradual work hardening rates and large uniform
strains, of the order of 20-30%, Second, those curves which are
characteristic of peak and overaged specimens, which have higher
proportional limits, rapid work hardening rates, and lower uniform

strains, of the order of 5-10%.

This change in the form of the stress - strain curves as

ageing proceeds has already been described. (Section 342414)



- 107 -

4,1:3, The temperature dependence of Mechanical properties
.1. The temperature dependence of 0,1% proof stress,

tensile strength and % elongation.

(a) Aly, 3.5 wt.% Cu,

0.1% proof stress, tensile strength and % elongation have been
plotted as functions of testing temperature for this alloy in three
aged conditions, in Fig.14. It is seen that the 0.1% proof stress
changes only very slightly with temperature in all three conditions;
the peak-aged alloy shows the largest increase of 2 t.s.i. between
roon temperature and —19600. The tensile strength shows a greater
temperature dependence, which is similar in all three conditions,
and increases by approximately 5 t.s.i. between room temperature and
-196°C, The % elongation shows the largest temperature dependence.
The ductility of the alloy aged for 0.05 day increases by 10% between
room tempersbure and -196°C, and the ductilities of the peak and

overaged alloys increase by 6%.

(b) A1, 3.8 wt.% Cu, 0.56 wt.% Mg (7 : 1, CusMg)

The mechanical properties of this alloy have not been determined
at intermediate temperatures. The properties at room temperature
and at -196°C are summarised in Table 4.5, below, for as-gquenched

alloys and alloys in three aged conditions.
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Aged Room Temp. Tested ~196°C Tested
Condition
0.1% | Tensile % 0.1% | Tensile %
Proof Strength | Elongation | Proof Strength | Elongation
Stress Stress
t.s.i. t.s.i. t. S.i. t.s.i.
As quenched 6.2 17.4 36 8.3 23.2 43
0.2-days 190°C 9.7 |19.0 33 142 26.6 36
0.4 days 190°¢ 19.2 2.1 8 23.6 30.8 12
10 days 190°% 16.0 21.8 6 19.5 29,0 12

By comparing the room temperature and —19600 values for this

alloy, it is seen that the strength is slightly more temperature

dependent than that of the Al, 3.5 wt.% Cu alloy.

The 0.1% proof

stress increases by 2-3 t.s.i. for as-guenched and overaged alloys.

and increases by 4~5 tes.i. for lightly aged and peak-aged alloys.

-‘The tensile strength increases by 6~7 t.s.i. for all aged conditions.

The % elongation is less temperature dependent than in the Al, 3.5

wt.% Cu alloy. ‘As-quenched and overaged alloys show an increase

of 6-7% ductility, whereas the 1lightly aged and peak-aged alloys

increase by only 3-4%+ It -should be noted that this last increase

approaches the accuracy of measurement.
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(c) Al, 3.3 wt.% Cu, 1.5 wt.% Mge (2.2 : 1, CuzMg)

Figf15 shows the temperature dependence of mechanical properties
for this alloy., From Figs.7 and 8 it is seen that the 0,1% proof
stress for the as-quenched alloy increases by only 3 t.s.i. between
room temperature and -19600, whereas, from Fig,15, the 0.1% proof
stress for all three aged alloys increases by approximately 5 t.s.i.
These increases are slightly greater than those observed for the

7:1, Cu:Mg alloy.

The tensile strength also shows a greater temperature dependence
than that of the 7:1, Cu:Mg alloy. The as-quenched alloy, and the
three aged alloys all show increases of between 5 t.s.i. and 7 t.s.i.

at -196°C,

The ductility shows a much smaller temperature dependence
than that of the 7:1, Cu:Mg alloy. The as-quenched and lightly
aged alloys show no temperature dependence, and the % elongation
of the peak alloy increases by only 2%, which is similar to the
experimental scatters The overaged alloy shows no change of
ductility down to —12500, but the % elongation increases slightly
at -196°C.

These results may be summarised as follows:-

The 0.1% proof stress shows very little temperature dependence,
but what there is tends to be slightly higher for lightly aged and

peak-aged alloys. This pattern is similar for all three compositions,
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The temperature dependence of tensile strength is greater
than that of 0.1% proof stress and appears to be similar for all
conditions of ageing, except for the high % lig alloy, where the
lightly aged specimens have a slightly greater temperature dependence,
The lower % g alloy shows g slightly greater temperature dependence

than the other two alloys.

The temperature dependence of ductility varies with both
ageing time and composition. Although no values are available for
as-quenched Al, 3.5 wt.% Cu alloys, the temperature dependence of
the as-quenched 7:1, Cu:llg alloy is fairly small and there is no
temperature dependence for the 2,2:1 Cu:llg alloy. Lightly aged
alloys show a marked decrease of temperature dependence with
increasing % Mg. The temperature dependence of peak-aged alloys
is small for Al, 3.5 wt.% Cu and decreases to a very low value for
2,2:1, Cu:Mg. Overaged alloys show a simllar small temperature
dependence for all three compositions, which is generally slightly

greater than that of the peak-aged alloys.

«2. The effect of testing temperature on true stress-

true strain curves.,
(a) A1, 3.5 wt.% Cu

Fig.16 shows the effect of testing temperature on the true
stress - true strain curves for alloys aged for 0.05 day, 2 days

and 10 days. The lightly aged alloys tested at -195°C show only
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slightly higher proportional limits than those tested at room
temperature, but have much more extensive work-hardening regions.

This results in higher values of true stress at maximum load, and
longer uniform strains. Although only one curve is drawn at —1OOOC,
it appears from its similarity to the room temperature curves that the
deformation behaviour is similar down to —100°C)but changes below this

temperature.

The curves in Fig.16 for alloys aged for 2 days are similar
at room tempefature and -780C, but there is a progressive increase
in the true stress at maximum load and the limit of uniform strain
shown at the lower temperatures. There is also more scatter between
the curves of duplicate specimens compared with those of alloys
aged for 0.05 day or 10 days. A similar scatter has been observed
in the critical resolved shear stresses and rates of work-hardening
of Al, L4 wt.% Cu single crystals aged to peak, compared with under-
and over-aged specimens(29). Kelly and Nicholson(s) attribute
this to the heterogeneous structure of peak-aged alloys, caused by

preferential precipitation of 9! on dislocations.

Overaged alloys show a progressive ihcrease in the true stress
at maximum load with decreasing temperature. The limit of
uniform strain remains the same down to -12500, but increases below
this temperature. There is much less scatter between duplicate
specimens at each temperature, than that éhown by alloys aged for

2 days.
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(b) Al, 3.8 wt.% Cu, 0.56 wt.% lg (7:1, Cu:lig)

True stress - true strain curves of this alloy have been
replotted on Fig.17, to compare the room temperature tested and
-196°C tested alloys. Both the as-quenched alloy and that aged for
0,02 day show more marked increases in the true stress at maximum
load and the limit of uniform strain at —19600, than the lightlyfaged
Al, 3.5 wt.% Cu alloy in Fig.16. The peak-aged and overaged alloys
also show more marked divergences between the curves at room
temperature and —19600, than the corresponding Al, 3.5 wt.% Cu
alloy, but this results partly from a more marked increase in the

elastic limit at low temperature for the 7:1, Cu:llg alloy.

Excellent reproducibility of the curves is seen for all ageing

times and at each testing temperature,

(¢ ) AL, 3.3 wt.% Cu, 1.5 wt.% lig (2.2:1, Cu:iig)

Figs.18 and 19 show the temperature dependence of the true
stress - true strain curves in three aged conditions. All the
curves show excellent reproducibility at each testing temperature.
Specimens aged for 0.015 day have very similar curves at room
temperature and at —7800, but the curves diverge below this
temperature. Peak-aged and overaged sPecimens have divergent
curves at all temperatures; +this divergence is most marked for

the overaged alloy.
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The effect of temperature on the true stresz - true strain

curves for the three alloys may be summarised as follows:-

In general, lowering the testing temperature causes an increase
in the proportional 1imit, and a greater increase in the true stress
at maximum load. This results from a higher rate of work hardening.
The consequent increase in uniform strain is predicted from equation
6, Appendix 1, which shows that the strain-hardening coefficient, n ,
is equal to the 1imit of uniform strain. Tests carried out at
intermediate temperatures between room temperature and -196°C for
the A1, 3.5 wt.% Cu, and 2,2:1, Cuslig alloys, show that the curves for
lightly aged and peak aged Al, 3.5 wt.% Cu alloys and lightly aged
2.2:1 Cu:llg alloy only diverge below some temperature between —7800
and -125°C. Curves of overaged 41,3.5 wt.% Cu alloy and peak-aged
and overaged 2.2:1, Cuillg alloy diverge at each testing temperature

below room temperature.

44144, Strain Hardening

Attempts have been made to described the changes in plastic
behaviour of these alloys by means of a single parameter related to

the work-hardening characteristics.

«1. The work hardening rate

On load-elongation or nominal stress-strain curves +this varies
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with strain from a value equal to Young!s Modulus at the elastic
1limit, to zero at the instability point. A comparison between the
work hardening rates of different~élloys may be made by measuring
the average slope of the load-elongation trace over some convenient
portion of the plastic region. Following a method described by
(29) | ‘

Bonar , this was measured directly from the chart trace on the

testing machine, and was chosen to be 1" of the pen recorder chart
at a distance equal to 1" beyond the elastic limit, where any
initial transient flow phenomena had disappezmred, The rate of work

hardening was then defined as 00,038 -~ 90.019

~ 0,019
Where, 9 0.038 = nominal stress at 0.038 nominal
strain
0 0.019 = nominal stress at 0.019 nominal
strain

®ince 1" of the recorder chart was equivalent to 0.019 nominal

strain. This method of measurement has no fundamental significance.

(a) Al, 3.5 wt.% Cu.

Table k.6 shows values of work hardening rate obtained by

this method.
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Table L.6
I Op _0 ' ‘
Ageing Rate of Work-hardening = 0?8 0019 .s0i.
Tregtment - ! T 0,019 i
Tested at room temp. Tested at -196°C
0.05 day at 190°C 95 93 |
2,0 days at 190°C 99 152
10  days at 190°C 13l 193
[ ]

The change in work hardening rate as ageing proceeds is seen to

be similar to that observed for Al, 4 wt.% Cu alloys aged at

190°C (Section 3.2.1.). At room temperature and.-196°C, the values
for overaged alloys are much larger than those for lightly aged
ones, and values for peak aged alloys fall within the wide scatter

band previously observed near the peak.

Results obtained by Bonar(29) on Al, L wt.% Cu single crystals,
% 0,025 =°0,0127

“0.0127
showed that the values for lightly aged alloys were 40 tes.i., and

using a definition of work hardening rate =

for overaged alloys 190 t.s.i.,, both at room temperature and -19600.

(b) A1, 3.8 wt.% Cu, 0.56 wt.% Mg (7:1, Cuslig)

Rates of work hardening (from tests at room temperature and
-196°C) are plotted in Fig.20, as a function of ageing time. The
shapes of the two curves are very similar to those reported for

A1, 4 wt.% Cu single cnystals,(8’29) and show the rgpid increase
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in the rate of work-hardening near the peak. As observed also for

polycrystalline Al, 3.5 wt.% Cu alloy, the rates of work hardening
are similar for the lightly aged specimens at the two testing
temperatures, but at —19600, the overaged specimens have higher
rates of work hardening compared with those tested at room temperature.
Quenched alloys, and those in the very early stages of ageing have
relatively higher rates of work hardening than specimens aged for
0.05 Gay to 0.1 day, Jjust before the rise to the peak; this feature
is more marked at —19600. This is believed to be due to quenching
strains in the specimens, caused by the generation of excess
dislocations as a result of sudden thermal contraction. These
dislocations may anneal out during ageing, or, more probably,
accelerate precipitation initially, but then exert a progressively
decreasing influence on the rate of work-hardening, as the volume

of precipitate in the matrix increases with time. Although this

was not observed for Al~Cu single crystals, it should be noted that

no values for these were obtained after very short ageing times.

(c) A1, 3.3 wt.% Cu, 1.5 wt.% Mg (2.2:1, Cu:lig)

Pig.21 shows the rates of work-hardening plotted as functions
of ageing time, for this alloy, when tested at room temperature and
at —19600. There is considerable scatter in the room temperature |
results at each ageing time, but the two curves are very similar;

in other respects, to those of the 7:1, Cu:llg alloy.
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A comparison between the respective rates of work-hardening
of the ternary alloys, with those of the Al, 3.5 wt.% Cu alloys in

three corresponding aged conditions is given in Table L,7 below:-

Table L.7
! (o] o]
Rate of work-hardening = O'?;? — 9.012 s tes.i.
0.019
Aged :
Condition ! o
Tested at room temp. . Tested at - 196°C
Al, 3.5 721, 2.2:1, | Al, 3.5 7:1, 2.,2:1,
wt.% Cu | CuiMg | CusMg ! wt.% Cu | Cu:llg | Cu:lig
Lightly
aged 95 15 75 93 65 65
Peak
aged 99 100 105 152 120 105
Over
aged ‘ 134 115 115 193 150 140

For each of the alloys in this Table the rate of work-hardening
increases markedly near the peak, in the same way as that of
Al, Lewt.% Cu single crystals. However, there is no evidence of
a large scatter in values as observed for the single crystals.
Triplicate results for polycrystalline specimens (Figs.20 and 21) show
very little scatter, and the two ternary alloys show a progressive

increase in work hardening rate over a wide ageing period near the

peak.
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It should also be noted that the Al, 3.5 wt.% Cu alloy shows

higher work hardening rates than either of the ternary alloys, for

which the values are very similar.

An alternative measurement of the work hardening rate is from
the slope of the true stress-true strain curve at a given value of
true strain, At all values of strain, the true stress -~ true strain
curve 1s steeper than the corresponding load elongation curve, so
that work hardening rates measured this way are larger than those

obtained from the load-~elongation curves.

The slopes of the true stress - strain curve at 2% true strain

are shown in Table L4.8.

Table ’14..‘8

; d -
Ageing Rate of work-hardening = ?rg- at € = 0.02, t.s.i.
time e ,

at 190°C Tested at room temp. Tested at - 196°¢

Al, 3.5 | 71, | 2.2:4, | AL, 3.5 1 7:, | 2.2:,

wteh Cu | Cusllg | Cuslig wt.% Cu Cu:Mg | Cu:lg
As~-quenched 92 115 116 127
0.02/0.05 |

day 117 88 114 109 106 112 ;

0.4/2.0
days (Peak)!| 131 139 127 187 165 120
10 days 185 145 145 247 215 | 193
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These results are the averages of two or three specimens in
each aged condition., Similar trends in the rates of work hardening
with ageing time are observed. The increase in work hardening rate
near the peak is less marked, and there appears to be no advantage

in using this method to illustrate the changes which occur with ageing.

+2. The work hardening coefficient

In plasticity theory, the shape of the entire plastic curve
is fitted to an equation relating true stress and true strain.
The work hardening characteristics are then described in terms of a
parameter in the equation. The simplest relationship is that proposed
by Ludwik(114):-
8 = k.g"
Changes in work-hardening characteristics are described by changes

in values of !n', the strain-hardening coefficient.
Using the relationships derived in Appendix 1, viz:-

n € at maximum load,

and, log G = logk + nlog €.
n has been determined from the values of true strain at instability

and from the slope of the log § - 1log E plot.

It should be noted that 'n! and the rate of work hardening

(Section keloheds) are not equivalent, although they are related.
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-6 = ke
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=n

(')l! o

_8_.,( n-1)

—-n
_ n.k.®

Values of n have also been obtained from this equation for

true strain values, € = 0.02,

These are all shown in Table L.9.

for the 7:1, Cu:lg alloy tested at room temperature.

Table 4.9
Avoing b 5 _ log0 e
geing time n =€ at max, n = Tog © = . EE
load T = 0.0% = e=0,02
As guenched 0.2, 0.31 0.20
0.02 0.21 0,19 0.14
Q.2 0.08 0.13 0.07
0.4 0.06 0.13 0.11
1.0 0.06 0.13 0.13
10.0 - 0.06 0.18 0.15
Incolumn 2, € at maximum load was calculated from € In. (1 +€)

where € = Nominal strain at maximum load,

of the logO~ log € plot was taken at € = 0,03 , since the graphs

were not linear (Fig.22). The departure from linearity is most

marked for the as-guenched and lightly aged alloys.

(57,61)

investigations

In previous

In column 3, the slope

where non-linearity was observed, the slope was
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taken at a particular value of the true strain.

Very little agreement is seen between the values for n! measured
by each meﬁhod; with the exception of the peak aged and overaged alloys.
Here, there is fair agreement between the 'm?% values in columns 3
and 4 of Table 4.9., and the log O - log € graphs for these
alioys are quite linear. However, the true strains at maximum load
are very much smaller than those predicted from Ludwik's equation.
Similar results are obtained for Al, 3.5 wt.% Cu alloys and 2.2:1,

Cu:Mg alloys.

A second relationship, Swift'!s equation, (see Appendix 1)
- — \n
G . A(B 4+ E)
has been examined in order to investigate the wide discrepancy

between n anél.-E at maximum load when applying Ludwik!s equation

to these alloys.

For 2.2:1, Cu:Mg alloys, tested at -196°C in the lightly aged,
peak and overaged conditions, data from the stress-strain curves
were fitted to equations of the type, O = A(B +E;)n, to evaluate
4, B and n. Evaluation was carried out using the London University
'"Pegasus! computer. The programme was written for curve fitting

to Swift's equation by the least squares method. The values obtained

are shown in Table 4.10,
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Table 4,10

Ageing treatment A B n
0.015 day at 190°C - 68,31 0,062 Ouli2
0uk  day at 190°C 51.73 0,009 0,149
10  days at 190°C 53,06 0.005 0.216

The experimental curves and the computed curves, using Swift!s

equation for the three alloys are shown in Fig.23,

Using the relationship derived in Appendix 1, viz:- € instability

= (n- B), values of the true'strain at maximum load from the

experimental curves and (n < B) are shown in Table L.11.

Table 011
Ageing treatment (n - B) True strain at maximum load
0.015 day at 190°C 04380 0,234
Ouk day at 190°C 0.140 0,072
10  days at 190°C 0,211 0,069

In each case, the true strains at instability are less than those
predicted by the values of (n - B)., The strain hardening
characteristics of these alloys therefore do not appear to obey
Swift!s empirical relationship. Fig.23, however, shows the excellent

agreement between the observed and calculated true stress - strain
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curves up to the instability point. This suggests that the observed
instability represents the point of departure of the‘actual strain
hardening characteristics of these materials from the ideal case,
Thus the onset of fracture in these alloys most probably governs the

tensile strengths attainable.

«3. The temperature dependence of work~hardening.

The rate of work hardening, measured from the load-elongation
curve by the method described in Section L.1.4.1., exhibits a
temperature depemdence which varies with alloy composition and heat

treatment.

Fig.2l4 shows the temperature dependence of the work-hardening
rate for Al, 3.5 wt.% Cu alloy in three aged conditions, The lightly
aged alloy shows no temperature dependence, but peak and overaged

alloys show strong temperature dependence,

Although no 7:1, Cu:lMg alloys were tested at intermediate
temperatures, Fig.20 shows that this‘alloy exhibits a similar
temperature dependence of work-hardening rate to that of the
Al, 3.5 wt.% Cu. The behaviour of the 2,2:1, Cu:lg alloy is
different and is also shown in Fig.24., The overaged alloy has a
less marked temperature dependences, compared with the other two
alloys, and both the peak and lightly aged alloys have no temperature

dependence.
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4e1.5. The Grain Size Dependence of Hechanical Properties

4 brief survey was made of the effect of grain size on the room

temperature mechanical properties of the 7:1, Cu:lig alloy.

The effect of grain size on the true stress - true strain curves
is illustrated in Fig.25 for as-quenched alloys, and those aged
slightly beyond the peak. The curves for as-quenched alloys show
that decreasing the grain size increases the work hardening rate and
the true stress at maximum load, but has no effect on the initial
flow characteristics. The curves for the slightly overaged alloys
show that there is no grain size dependence of plastic behaviour.
Dorn et 31(61) have shown that the true stress - true strain curves

for pure aluminium of different grain sizes have similar features

to those for the as-quenched alloys in Fig.25.

Fig.26 shows the effect of grain size on the 0;1% proof stress,
and tensile strength for alloys in the as-quenched and approximately
peak aged and overaged conditions, No grain sige sensitivity of the
0.1% proof stress is seen for any of the alloys, and no sensitivity
of the tensile strength for the two aged alloys. The as-quenched

alloys show a slight grain size depsndence of tensile strength.

Fig.27 shows that for all the alloys, there is a grain slze

dependence of % elongation, which is similar for all aged conditions,

%0.038 - ©0.019

©0.019
measured from the load-elongation curves (Section 4.1.4.1) has been

The work-hardening rate, defined as and
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plotted as a function of grain size in Fig.28, The as-quenched
alloy shows a distinct grain size dependence, but the aged alloys

appuear to be insensitive to grain 'size differences.

4.1.0 6. Fracture

1. True Fracture Stress

The change in true fracture stress with ageing time is shown
in Figs.29 and 30. " True fracture stress was calculated from the
load at which the specimen separated, divided by the cross sectional
area of the fracture surface. This was measured with a planimeter
from tracings made on the microscope with the specimens positioned

as shown in Figs.31 - Sh.

For the 7:1, Cu:Mg alloy in Fig.29, the fracture stresses of
specimens tested at room temperature, decrease markedly with ageing
time, and do not appear to have reached a minimum value even after
10 days ageing. There is a close similarity with the % elongation
curve in Fig.4, and this is in qualitative agreement with the results
of Ryder and Smale(107) on superpure Al, 3.9 wt.% Cu aged at 165°¢.
The values of the true fracture stress for the 7:1, Cu:Mg alloys
aged at 190°C, and the Al, 3.9 wt.% Cu alloys aged at 165°C, are

very similar, for ageing times up to one day.

In Fig.30, the 2.2:1, Cutlig alloy also shows a decrease in

true fracture stress with ageing time, although the results are
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very scattered in the early stages -of ageing. The fracture stress
curve is similar to the % elongation curve in Fig.7. In the quenched
condition and after short ageing times, the true fracture stresses are
much lower than those of the 7:1, Cu:Mg alloy, but after approximately

0.2 day, the values are almost identical.

Both the 7:1 and 2.2:1 alloys tested at -196°C show almost
constant values of true fracture streés with ageing time, although
the values for the 2.2:1 alloy are slightly smaller than those
of the 7:1 alloy. In the as-quenched condition, the 2,2:1 alloy
appears to have a higher true fracture stress at -196°C than at
room temperature, but there is considerable scatter in the results
for this alloy during the early stages of ageing, This constant
true fracturec stress at—496°C is not reflected in the % elongation

curves for the two alloys, (Figs.5 and 8).

«2. PFracture appearance
7:1, Cu:Mg. Photomicrographs of the fracture surfaces of specimens
tested at room temperature and at -196°C are shown in Figs.31 and 32
respectively. At each testing temperature, as-quenched alloys and
those aged up to 0.06 day at 190°C, exhibited shear fractures,
consisting of fairly dull flat surfaces, inclined at approximately
45° to the tensile axis. After 0,06 day ageing, a few bright facets
were visible within the shear surfaces of the low temperature tested
specimens. Fewer bright facets were visible in the room temperature

tested specimens, but are just discernable in Fig.31(c).
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After 0,1 day ageing, the number of bright facets on the surfaces
increased with ageing time, although the fractures generally remained
at approximately 45° to the axis, and always contained a small

sheared area near the periphery.

Sections through the fractures showed that at room temperature,
specimens aged up to 0.06 day were 1007 transcrystalline, with
consideragble grain elsngation, and no grain boundary separations.

An example is shovmn in Fig.35(a). After 0.06 day ageing, only the
grains in the vicinity of the fracture have elongated and the
fracture is partly intercrystalline. BSome boundaries behind the
fracture, which make angles = 45° %o the tensile axis, are seen

to be separated. Sometimes, grain boundaries intersecting the
fracture surface, and parallel to the tensile axis, are separated
for a short distance back into the specimen. These features are
shown in Fig.35(b). Peak aged and overaged specimens show no grain
elongation, and the fractures consist of approximately equal amounts
of grain boundary separation and transcrystalline shearing, Tig.35(c)-
Marked boundary separations extending back from the fracture surface

are also observed, (see Fig.35(d) ).

At ~196°C, the as-quenched alloy fractured in a similar mammer
to those tested at room temperature. After only 0.02 day ageing,
there was evidence of grain boundery separations at angles 2 45°
to the tensile axis behind the fracture, which, however, appeared

to be still 100% transcrystalline, After 0,06 day, the fractures
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were 50% transcrystalline and 50% intercrystalline; boundary
separations were visible extending back into the specimen from the
fracture surface., This type of fracture did not change appreciably

up to 10 days ageing time. An example is shown in Fig.35(e).

2.,2:1, Cu:tMg, Figs.33 and 34 respectively, show the appearance
of the fracture surfaces of this alloy when tested at room
temperature and at -19600. In Big.33, the as-quenched specimen and
that aged for 0,015 day show dull, flat, 45  shear fractures,
similar to the 7:1 alloy. After 0.1 day, however, the fractures
are bright and facetted and remain at 45° to the tensile axis up

to 10 days ageing. In Fig.3k, the specimens tested at -1 96°C have
bright facetted fracture surfaces even in the as-quenched condition
and after lightly ageing. After 0.05 day, the fractures appear
very brittle and take place on planes which are more normal to the

tensile axise.

Sectioné through the fractures are shown in Fig.36., Alloys

in the as-quenched condition, and after ageing for 0.015 day showed
almost identical features, which are illustrated in Figs.36(a), (b),
{(c) and (d). On specimens tested at room temperature, marked grain
elongation has occurred only in the necked region, (Fig.36(a) ), and
the fracture was entirely transcrystalline, (Fig.36(b) ). Very
little grain contrast is observed since the deformation has rotated
the grains into similar brientatiqns. Decorated slip markings

are observed in the heavily deformed grains near the fracture.

*
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Specimens tested at —19600 showed very little grain elongation and
the fracture plane is jagged, (Fig.36(c) ). At higher magnification
the fracture appears to be partly intercrystalline, with these areas
separated by areas of transcrystalline failure. (Fig.36(d) ).
Boundary separations behind the fracture surface, making angles 2 450

to the tensile axis, are observed both in Figs.36(c) and 36 (d).

After ageing for 0,05 day and 0.1 day, room temperature fractures
were partly transcrystalline and partly intercrystalline, the
intercrystalline portions being generally in the centres of the
specimens. Opecimens tested at -19600 exhibited only intercrystalline
failures, with isolated boundary separations behind the fracture
surface, together with numerous separations of boundaries intersecting
the fracture and lying parallel to the specimen axis. Specimens
aged for more than 0,25 dayg showed entirely different etching
characteristics in Keller!s reagent. The grains etched darkly and
the boundaries remained light coloured., At high magnification, no

precipitates were resolved, as shown in Tig.37(a).

Specimens aged betrcen  0.25 day and the peak (0.5 day),
and tested at room temperature, showed predominantly intercrystalline
fractures, with small amounts of transcrystalline failure regions
across the corners of grains, as shown in Fig.37(b). The amount
of this type of transcrystalline fracture increased with ageing
time, so that between approximately 0.6 day and 1 day, the fractures

were 50% intercrystalline and 50% transcrystalline. After 10 days,
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the fractures were entirely intercrystalline,

Specimens tested at -19600, after ageing for times greater
than 0.25 day#, also showed transcrystalline fractures, together
with some intercrystalline fracture, (Fig.}?(d) ). After ageing
for 10 days, the fractures were entirely intercrystalline and similar
to the room temperature tested specimens. An example is shown in

Flectron. Micrographs.

Shadowed carbon replicas of the fracture surfaces of several
specimens have been examined. PFig.33 shows results for as-quenched,
peak-aged and overaged specimens of 7:1, Cu:lMg alloys tested at
77°%. In each case, the fracture surfaces consisted of cusps which
are known to be characteristic of ductile failure. The as—quehched
alloy cusps (Fig.38) were generally very large and irregularly shaped,
unlike the overaged alloy cusps (Fig.38(¢) ), which were very small,
regularly spaced and of uniform size. Within a given grain, the
cusps were generally aligned in one direction., The pesk-aged alloy
cusps werc a mixture of very large and very small as showm in
Fig.38(b), but the large cusps were more regular, than those of the

as-quénched alloy.

Fractographs from 2.2:1, Cu:Mg alloys are shown in Figs.39 and
LO. At btoth temperatures, the as-quenched and lightly aged alloys

exhibit large irregular cusps. There is some evidence of small
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cusps as well on the lightly aged alloys. Peak-aged and overaged
alloys are characterised by small regular cusps. The change in
direction of the cusps at a grain boundary is clearly seen in
Fig.39(d). There is some evidence in this photomicrograph and in
Fig.40(d) for the existence of particles (0.1 - 0,21 diameter) in
the cusps. These were not generally observed over the whole
specimen, however. The grain boundaries observed in Pigs.hO(c)_and
46(&) appear to be 'denuded! of cusps, but particles are clearly
visible (Fig.40(c) ). These featureless boundary areas could be
associated with poor replication of, for example, the boundary
separations parallel to the tensile axis® (see Fig.35(c) ), or
simply, deep 'valleys! on the fracture surface. The majority

of the boundaries visible in the electron microscope resembled

Fig.39(d).
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L,2 Single Crystals

Complementary results to those already described have been
obtained from tensile tests on aged single crystals of the two
ternary alloys. These were carried out in order to correlate the
mechanical behaviour of the alloys with the exiéting theories of
the strength of materials containing dispersed particles, The
necessity for testing single crystals arises because the effects of
grain boundaries on both precipitation and deformation are not yet
properly understood, and the bulk of previous work, on which the

theories are based, has been carried out on Al-Cu single crystals.

Only a limited number of crystals was available for testing,
and no control of orientation was possible during growth. It was
therefore important to minimise the effect of orientation dependence
of the critical resolved shear stress (C.R.S.S.) and flow
characteristics. Specimens tested in the as-quenched and lightly-aged
conditions, which would be expected to show the most marked |
dependence, were always chosen from the centre of the unit
stereographic triangle. The remaining crystals, in the more extreme
orientations, were tested in the fully aged and overaged conditions,

where little orientation dependence would be expected.(28’36)

Single crystal results are generally plotted as resolved
shear stress-glide strain curves. Both these quantities are
calculated from load-elongation data, as shown in Appendix 2.

However, crystals in the peak aged and overaged conditions, which
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behave more like polycrystals, and which slip on several systems
from the start of deformation, are more conveniently plotted as
true stress - true strain curves. As-quenched and lightly aged
crystals, which initially show easy glide have been plotted as
resolved shear stress against glide strain. The formula used to
calculate these quantities does not hold once the tensile axis has
rotated across the stereogram to the symmetry position, so that
the calculated glide strains afier large deformations are not
strictly correct, To compare the behaviour of these crystals with
that of the peak and overaged crystals and the polycrystals,

true stress ~ true strain curves have also been plotted. These,
too, are incorrect, since the calculation of true strain assumes
no anisotropy, whereas these soft crystals deform predominantly by

single slip.

Le2.1 Stress - Strain Curves -

«1s 721, Cutlig alloy

Resolved shear stress - glide étrain (t-a) curves obtained
at various temperatures are shown in Figs.hﬂ, 42 and 43 for crystals
tested in the quenched condition and aged for 0,01 day and 0.1 day
at 19000, respectively. ZEach ourve has been plo{ted to the
instability point. On the load~elongation traces, obtained from the
testing machiﬁe, very small seryations after instability were seen
only for the as-quenched crystal and those aged for 0.01 day, when

tested at room temperature., Unlike the corresponding polycrystals,
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no serrations were observed before instability.

Corresponding true stress - true strain curves are shown in
PigsJhli, 45 and 46, together with those for peak and overaged 'alloys.
The form of the curves changes markedly as ageing proceeds. The
as-quenched and lightly aged alloys have low yield stresses and
work-hardening rates and large elongations, whereas peak and overaged
alloys have high yield stresses and work-hardening rates, and low
elongations. These characteristics are similar to those shown by
Al, 3.7 wt.% Cu alloys aged at 19000,(29). Similar changes in
the curves of other Al-Cu alloys aged at different temperatures

(27,28,36,37)

have also been reported

020 2.2:1’ Cu:Mg alloy

Resolved shear stress - glide strain curves for as-~quenched
crystals, and those aged for 0.015 day and O.1 day at 190°C are
shown in Figs.47,48 and 49, respectively. These curves are similar

in form to the 7:1, Cu:Mg curves in Figs.41 and 43.

On the load-elongation traces, small serrations appeared after
instability only at room temperature for these three alloys. Prior
to instability there were no serrations, but the chart trace was
wavy in form, indicating discontinuous yielding. The curves of
the corresponding poiycrystalline specimens showed large serrations
before instability, and only the quenched alloys showed serrations

after instability,
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True stress - true strain curves for as-quenched crystals,
and crystals in four aged conditions are plotted in Figs.50, 51
and 52, These show a similar change in form, as ageing proceeds,

to the 7:1,Cuilig alloy, and the Al-Cu alloys, already described.

¢35« Yield Points,

Single crystals of both compositions exhibited discontinuities
at yleld, in all aged conditions, At room temperature there were
no yield drops, but the curves changed abruptly from their elastic
to plastic regions; these changes frequently consisted of points

of inflection on the curves,

Below room temperature, the curves for as-quenched and
lightly-aged crystals showed marked yield points, and the curves
for peak and overaged crystals showed either yield extensions or
distinct points of inflection at yield., Only overaged 2.2:1, Cu:lig
alloy crystals with orientations near <100> produced smooth

curves similar to those of polycrystalline specimens,

Kelly and Nicholson's criterion for a geometrical softening

yield point:-

%ﬁ% < T.tan” A, cos M. cos @ (Section 3.2.4.)

has been tested on crystals of 7:1 and 2,2:1, Cu:Mg alloys which
show yield drops. In Table 4.12, values of T. tan® N . cos M. cos @

have been calculated at yield for as-quenched and lightly aged crystals.
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Table 4,12

Crystal 5 Ageing Testing Totan’ Ag.cos Ao,
|Zdentification | _Treatment Temperabure | 003 9: (Ike/ma®)
R2 As-quenched -196%¢ L5
R15 0.01 day at 190°C -196°C A
Y . 0,01 day at 190°¢ -196°¢C Lody
AN f As-guenched -196°¢ 5.7
M 0,015 day at 190°¢C ~-74°C 6.2
AB 0.015 day at 190°C -125°% 3.2
B 0,015 day at 190°C -196°¢ 6.8
G g 0.015 day at 190°%¢ ; ~196°c | 8.3

i

Values of _;%i% for the easy glide regions of these crystals
are difficult to measure from the curves, in Figs..42 and 48, but
are estimated to be less than 2 kg/mmz, so that Kelly and Nicholsont!s
instability condition is fulfilled in each case. Crystals !'N! and
116! in Fig.k2 do not show yield drops. Calculated values of

To.ﬁanz Ro' cos l(). cos @ for these two crystals are 2-3 kg/mmz

and 5-8 kg/mm2 respectively. Corresponding values of ii:‘ during
easy glide, estimated from Fig.L2, are 3 kg/mm2 and 6.5 kg/mmz, S50
that the instability conditions are not fulfilled. Easy glide
regions were generally absent in room-temperature tested crystals,
and this was probably due to strain-induced ageing during the

early stages of deformation, as suggested by Greetham and

(36),

Honeycombe
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Price and Kelly(37)

have distinguished between geometrical
softening yield points, and those due to other effacts, by plotting
theoretical load-slongation curves after yield, based on a zero

work-hardening rate, using the equation:-

P= P .cos A [1- %;Eiigf% ] -z , (See Section 3.2.4.)
Where P = load,
P, = load when yielding occurs,
€ = nominal tensile strain,
ko = angle between slip direction

and tensile axis at yield,

The geometrical softening effect is clarified by considering
stress-strain curves, rather than load-elongation curves., The
resolved shear stress over a slip plane in a crystal is given by

the Schmid equation:~-

T = % ., Cos ¢, cos A,
where P = tensile load
A = cross-sectional area
¢ = angle between tensile axis

and glide plane normal

A = angle between tensile axis
and slip direction.

Price and Kelly have emphasised that the true geometrical

. . . . cos ¢ . cos A A
factor in this expression is I and that oos @ ?

being the area of the slip plane, remains constant during single slip.
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. . cos @, cos A i
Thus since A decreases with strain, A must increase

for all crystal orlentations,

P
It is clear from the expression T = F . cos @, COS A, that
if the rate of work-hardening is small, (i.e. T does not increase

very much with strain), then P must decrease to compensate for the

cOS @, COS A
A

load-elongation trace. This is geometrical softening. Price and

increase in , and a load drop will appear in the
Kelly have considered the special case where the work-hardening
rate is zero, (i.e. T remains constant), and have derived an
expression for the theoretical decrease in P with strain. Thus,
although P decreases, due to geometrical softening, this cannot,
by itself, cause a decrease in T , which must result from some

alternative yield-point effect.

To summarise, if the load-elongation curve for a crystal
having a low work-hardening rate shows a fall in load after yield,
this may or may not be caused by geometrical softening. If the
resolved shear stress-glide strain curve still shows a drop in

T after yield, this cannot then be caused by geometrical softening.

Price and Kelly's theoretical curve for the fall in load,
based on a zero work-hardening rate, will then be less steep than

the actual measured load decrease,

In the present investigation, the crystals listed in Table 4.12

all showed yield drops on their resolved shear stress-glide strain
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curves, which were therefore not caused by geometrical softening.
This has been confirmed by comparing theoretical geometrical load
drops derived from Price and Kelly's equation, with the measured
load-elongation curves., Examples for four of the crystals are
shown in Fig.65. It is seen that for three of these crystals, the
measured load drops are steeper than the theoretical softening
curves. The fourth crystal, 2 AN and the other quenched crystal,
R2, do not show steeper load drops than the theoretical, but,

this might be caused by an increased rate of work-hardening as a

result of quenching strains or strain-~induced precipitation.

o4s  Orientation dependence

There has been no systematic work on the orientation dependence
of stress-strain curves of aged Al alloys. Greetham and Honeycombe(36)
found that air-cooled Al-Cu crystals tested at 77°K showed the
greatest orientation dependence; crystals orientated near <111>
or <100 > had higher wo;k-hardening rates. Crystals aged to
contain zones also showed a similar but smaller orientation
dependence. This disappeared after further ageing. Crystals
tested at room temperature showed no orientation dependence in

any aged conditions.

Data from Kelly and Chiou(5h), Dew-Hughes and Robertson(27),
Price and Kelly(37) and Greetham and Honeycombe(36), suggest that

quenched crystals and those containing GP(1) and GP(2) zones have

-~
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low critical resolved shear stresses when oriented near <111>.

In the present investigation, duplicate specimens were generally
chosen with similar orientations, and since only a small number of
crystals was available for testing, no discussion of orientation

dependence is possible,

4.2.2, The effect of ageing
.1. Critical Resolved Shear Stress (C.R.S.S.)

Tor each crystal, fhe critical resolved shear stress was
calculated from the initial flow stress, i.e. the stress at which
the curve deviated from its linear elastic region. Where yield
extensions or yield drops occurred, the initial flow stress is often
‘defined as the point at which the plastic flow curve, when
extrapolated back, intersects the elastic line, In the present
work it was found that this intersection generally coincided with
the initial departure of the curve from its elastic region. The

method has been referred to by Kelly and Chiou(5h).

Fig.53 shows ageing curves of C.R.S.S. for 7:1, Cuilig alloy
crystals, tested at room temperature and -19600. As—-quenched values
are also indicated. Although only a few different ageing times
were used, the form of the curves is similar to the corresponding
0.1% proof stress curves for polycrystalline specimens, shown in

Figs.4 and 5. The C.R.S.S. of the peak alloy is twice that of the
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as-quenched alloy at -196°C, and four times as great at room
temperature. This fractional increase in C.R.S5.5. as a result

of ageing is larger than the corresponding fractional increase in
proof stress and hardness for polycrystalline specimens, and thus
the change in C.R.S5.5. is a more sensitive measure of the degree

of ageing. This point was first made by Dew-Hughes and Robertson(27).

Fig.5h4 shows C.R.S.S. ageing curves for the 2,2:1, CusMg alloy.
These, too, are seen to be similar in form to the 0,1% proof stress
curves for the polycrystals in ¥Figs.7 and 8, At each temperature,
the C.R.S.8, of the peak alloy is approximately 2% times that of

the as-quenched crystals.,

Dew-Hughes and Robertson have shown that the C.R.5.S5. of
unaged Al, 4 wt.% Cu crystals is strongly dependent on the severity
of the guench. Thus a water-guenched crystal had a C.,R.3.5. of
4,6 kg/mmz, whereas air-cooled crystals had C.R.S.S5tresses of only
2.5 - 3.0 kg/mmz. In the present investigation, at room temperature,
the C.R.S5.3. of the as-quenched 7:1, Ju:lMg alloy was 3.5 kg/mmz,
and for the 2.2:1, Cuslig alloy, 4.8 kg/mm°. It is thought that
the excess vacancies present after a rapid quench, allow very rapid
diffusion, and almost instantaneous formation of G.P, zones. If
this is true, the higher value of C.R.S.S. for the Al-Cu alloy,
compared with the ternary alloys, might be caused by the higher

solution treatment temperature (540°C) used by Dew-Hughes and

Robertson.
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The influence of a change in quenching treatment on the
mechanical properties of Al-Cu single crystals decreases
progressively with increase in ageing time. This is shown by
comparing the resuits for the C.,R.S.S, and the work hardening rate
of 41-Cu crystals aged at 130°C and 190°C obtained by previous

(27,28,29,35,36,37,59).

workers Good agreement is found between the
properties of crystals with similar compositions, in the same aged
conditions, although different quenching techniques were used in

each case.

C.R.S.S. - ageing curves have been obtained for Al, 3.7 wt.% Cu
crystals, aged at 19000 and tested at room temperature and at
-19600(29). These have been compared with Figs.53 and 54 and in
Table 4.13 a comparison is made between the C.R.S.Stresses of binary
and ternary crystals in similar aged conditions. "Lightly aged"

refers to alloys on the plateau of the age-hardening curve just

before the rise to the peak.

Table Lie13

2 2
Condition keg/mn kg/mn
A1,3.7% Cu |7:1,CusMg | 2.2:1, |A1,3.7% Cu | 7:1,Cuslig | 2.2:1,
Cuzlig Cuslg
Lightly
aged 4,0 5.9 8.3 6.0 8.4 12.0
PEak 8.0 13-2 13'3 8'5 1%‘"5 17'0
Overaged ‘ o | i
(10 days) | - 5.0 1047 9.5 7.0 12f0 11.0
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«2¢ Mechanical Properties

Ageing curves of yield strength, tensile strength and %
elongation for single crystals of both compositions are shown in
Figs.55, 56, 57 and 58, Although crystals were tested in only four
aged conditions, the values lie on curves which are very similar
to those for the polycrystals shown in Figs.k, 5, 7 and 8. The
properties of the single crystals and polycrystals are shown
together in Table L.1k. To facilitate comparisons, all values are
given in units of t.s.i, The values of 0.1% proof stress for the
polycrystals have been listed in the "yield strength® columns,
Percentage elongation has not been included in the table, since the
single crystals in the as-quenched and lightly aged conditions

deformed by single slip, and elongations were orientation dependent.

After longer ageing time, the single crystals and polycrystals
of the 7:1, Cu:Mg alloy tested at —196°C and the 2.2:1, Cu:lg
alloy tested at room temperature had very similar elongations,
whereas for the 7:1 alloy tested at room temperature, and the
2.2:1 alloy tested at -196°C, the elongations of the single crystals

were approximately twice those of the corresponding polycrystals.



Table L.14

Tested at room temp.

Tested at -196°C

Aged Yield Strength Tensile Strength Yield Strength Tensile Strength
Condition teseia tes.i. tesels t.s.i.
Single Poly- Single Poly- Single . Poly- Single Poly-
crystal | crystal| crystal | crystal | crystal | crystal | crystal | crystal
1. 731, Cuslig
As—-quenched L.,5 6.0 10.0 17.5 2.0 8.0 15.0 23;0
0.01 days at 190°C 7.5 9.0 12.0 18.5 11.0 14.0 15.5 26,0
Peak aged 18.0 19,0 24.0 24,0 20.0 23.0 27.0 3.0
10 days at 190°¢C 15.5 16.0 22,0 22,0 17.5 20.0 26.0 29.0
2. 2.2:1, Cu:lig |
As—-quenched 6.5 10.0 13.0 21.0 2.0 13.0 14.5 27.5
0.015 days at 190°C { 11.0 13.5 14.5 24,0 15.5 19.0 20.0 28.0
Peak aged 18,0 22,0 23.5 27.0 23.5 26.5 27.5 32,0
10 days at 190°C 13.0 16.0 19.0 21.0 15.5 19.5 25.0 27.0

-"'""T*'(L"
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The changes in yield strength and tensile strength,with ageing,
for the single crystals follow a similar pattern to the changes for
the polycrystals, although the values are generally slightly lower,
The quenched and lightly aged materials show the largest differences
in strength between single and polycrystals. The strengths of peak
and overaged alloys are oloser; and are ilentical for the 7:1 alloy

tested at room temperature.

4.2.,3, The Temperature Dependence of Properties

el Stress-strain curves.

Figs.41 to 52 show the effect of temperature on the stress-strain
curves for both alloys. With decreasing temperaturs, yield strengths
increase in all aged conditions, and work hardening rate and uniform
strain increase in the peak and overaged conditions, The quenched
and lightly aged crystals show little change in work hardening rate
with temperature, but, generally, the glide strain at maximum load

is greater at lower temperatures.

+2¢ Critical resolved shear stress.

Fig.59 shows the variation of C.R.S.S. with temperature for
7:1, Cu:lig alloy crystals in three aged conditions. Values for

guenched crystals are also shown at 77°K and 295°K.

Quenched and lightly aged crystals, which increase in strength

by 2.5 -3 kg/mm2 between room temperature and -196°C, show the
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greatest temperature dependence (30 - 50%). Peak and overaged
crystals show a smaller temperature dependence (10 - 15%) and increase

by only 1.5 kg/mn® at -196°C.

In Fig.60, for the 2,2:1, Cu:llg alloy, the temperature depcndence
of quenched crystals is similar (30%), but rises to 50%, (4 kg/mm2
. . . R 2
increase) for lightly-aged crystals, and is still 4.5 kg/mm”, (30%)
at the peak; overaged crystals have a temperature dependence of

only 1.5 kg/mmz, (15%) .

Iﬁ A1, Lewt.% Cu, reverted(28’5h) and air-cooled cnystals(ss)
show an increase of .1 - 1.5 kg/mm2, i.e. 25 - 30%, in C.R.S.S.,
between room temperature and -196°¢. Crystals aged at 130°C to
contain GP(1) zones show a corresponding increase of 3 kg/mm2 (50%)
(28’38’54); those aged at 165°C to contain GP(2) zones, an increase
of 2 kg/mmz, (20%)(37), and those aged at 190°C to contain GP(2) zones,
an increase of 1 kg/mm® (15%0(29) between room temperature and 77°K.
Crystals aged to the peak at 190°C showed very little temperature

(28,29)

dependence, (approximately 5%) s but for overaged crystals

the C.R.S.S. increased by approximately 1 ke/mm>, which, since the

C.R.8.8. is decreasing rapidly, was of the order of 20% increase(28’292

Comparing the above results with those for the ternary alloys,
the temperature dependence in the as-quenched condition is similar,
i.e. there is approximately a 30% increase in C.R.S.S. at 77°K
(It should be noted, however, that only two ternary alloy specimens

of each composition were tested in the as-quenched condition.)
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In the lightly aged condition, both the ternary alloys contain GFB
zones, and it is more appropriate to compare these with A1-Cu alloys
containing GP(1) zones, since the zone sizes are more

similar. The temperature dependences are then seen to be very similar,
(30 ~ 50% increase in C.R.S.S. at 77°K). Al-Cu, and 7:1, Cutlig
crystals in the peak aged condition, and all three alloy crystals

in the overaged condition show similar temperature dependences,

within experimental error (ranging from 5 -~ 15% increase in C,R,S.S.
at 77°K), but the peak-aged 2.2:1, alloy appears to have a very much

larger temperature dependence (30%) than the other two alloys.

o3+ Other nechanical properties.

To facilitate a comparison between the temperature dependence
of the properties of single crystals and polycrystals, yield strength,
tensile strength and % elongation have been plotted as functions of
temperature in Figs.61 and 62, Values for as-quenched crystals are

showﬁ'in the ageing curves of Figs.55, 56, 57 and 58.

It should be noted that the strengths and ductilities of
quenched and lightly aged alloys deforming by single slip are
orientation dependent. The increases in yield strength and tensile
strength at -196°C are shown in Table 4.15., together with the

corresponding values for polycrystals.
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Table 4.15

% Tncrease in properties at -196°C

Aged Single Crystals Polycrystals
Condition

: Yield Tensile 0.1% Proof Tensile

Strength Strength Stress Strength

7:1,Cuzlig
As~-quenched 100 L7 3l 23
Lightly aged 38 28 46 40
Feak aged (i 10 23 28
Overaged 13 18 22 33
2.2:1, Culig
As-quenched 40 13 30 31
Lightly aged 4 38 38 29
Peak aged 28 20 21 22
Overaged 24 28 30 34

With the exception of the as-quenched single orystals (only
one crystal of each alloy was tested at room temperature and -196°C)
the percentage increases in yield and tensile strengths at low
temperature are similar, within experimental error, for single and

polycrystals of each composition.



- 149 -

Le2.,4 The Rate of work-hardening

As seen in Section 3.2.1., the work-hardening rate shows a
marked increase when the peak value of the yield strength is reached.
Kelly and Nioholson(e) suggest that this behaviour is probably
general for all precipitation-hardening systems where the final
precipitate is an intermetallic compound. Figs.20 and 21 show that
such a transition in the value of the work-hardening rate is

detectable in polycrystalline material.,

Values of the work-hardening réte for single crystals have
been measured directly from the load-elongation traces by the method
already described in Section 4.1.k.1. Although only four different
ageing times have been used, the results have been plotied as agéing
curves in Pigs.63 and 64. It is seen that the work-hardening rate
increases from approximately 20 kg/mm? to 300 kg/mm2 as ageing
proceeds. The wide scatter in the values for crystals aged
near the peak, observed by Bonar(29) for Al, 3.7 wt.% Cu, is suggested

even with the small number of crystals used in this investigation.

For both alloys, the initial work-hardening rates at each
temperature are lower than those obtained by Bonar, who reports
60kg/mm2 for Al, 3.7 wt.% Cu. At room temperature, the work-hardening
rates for overaged crystals, 300 kg/mmz, are similar to those found
for Al~Cu, but at -196°C the values are larger (approximately

350 kg/mmz). This difference has already been noted for polycrystalline

material.
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Work-hardening rates are shown below in Table L4.16, together
with those for Al~ 3.7 wt.% Cu obtained by Bonar, to compare with

the polycrystalline values in Table 4.7.

Table k.16

Rate of work-hardening t.s.i,

Aged Tested at room temperature Tested at -196°C j
Condition
Al, 3.7 7:1 2.2:1 Al, 3.7 71 2.2:1
wt.% Cu | Cu:Mg | Cu:Mg wt.% Cu | Cu:llg | Cu:lig
Lightly
aged 40 12 12 40 12 12
Overaged ! 190 175 195 190 220 225

The temperature dependence of the work-hardening rate is
similar to that described for polycrystals. It is clear from
Figs.63 and 64 that lightly aged crystals show no change in
work-hardening rate with temperature, and that overaged crystals
are strongly temperature dependent. At the peak, the exact position
of the curves is not known, and the apparent negative temperature

dependence is not significant.

4.2.5. Fracture

o1, TFracture appearance

Figs.66, 67, 68 and 69 are low magnification photomicrographs

of the fractures exhibited by erystals in four aged conditions, when
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tested at room temperature and --19600.

At room temperature, as-quenched erystals and lightly-aged
erystals of each composition, necked down to fom double chisel~edged
fractures, or fcrocodile' fractures as termed by Beevers and
Honeycombe(“o) for /1, 4 wt.j Cu crystals., These consist of deep
V-shaped voids in the centres of the necks, which is thought to be
consistent with Orowan's model of slipping apart in single crystals,

(114).

by an alternating slip mechanism, In the peak aged condition,
the 2,2:1, Cu:dig crystuls showed f‘x'actures which appeared to lie on
Planes parsllel to the primery slip plane, together with coarse
localised slip bands nearby. This type of fracture has been
described by Price and Kelly(111) for zone-nerdened Al &lloy crystals,
They termed the slip band portion the 'shear' region and the final
separation portion the 'crack' region, although it was, in fact,
entirely ductile, The 731, Cu:Mg crystals in the peak aged

condition exhibited similar fractures, with larger proportions

of ‘shear' region and less ‘crack' regio,

Af'ter 10 days ageing, the fracture of the 7:1, Cu:Mg crystals
consisted of & final shearing, following large reduc tions of area
resulting from uniform necking. The 2.,2:1, Cu:dig crystal showed
very little necking and it was believed that this was an imperfect

specimen,

it low temperatures, the as-quenched amd lightly aged crystals

showed fractures which consisted of heavy localised slip bands,
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with the final aseparations in regions lying almost parallel to these
slip bands, as described for peak aged crystals tested at roam
temperature, The relative amounts of 'shear' region and 'crack'
region appeared to vary more with crystal orientation than with
alloy composition or testing temperature. Lightly aged crystsls
were tested at ~78°C and -1 25°C, and showed similar fractures

to those at ~196°C.

Peak aged orystals, tested at low temperatures, exhibited
fractures which were similer to those of the room temperature tested
crystals, The 2,2:1 alloy showed very little shearing znd the two
halves of the crystal appeared to have slid apart along a slip
plane, producing a smooth fracture surface, After 10 days ageing,
the orystals tested at low temperature generally necked unifomly
and formed double cup fractures, after very large reductions in
area, Two of the 7:1, Cu:lig crystals tested at low temperatures
fractured in a similer manner to the peak aged crystals, but it
is thought that the double cup fracture is more typical of the

overaged condition,

Fractographs from 2.2:1, Cu:Mg alloy crystals in the lightly
aged, peak-aged and overaged conditions are shown in Fig.70. The
lightly-aged and peak aged crystcls showed 'shear' and 'crack'
regions on their fracture surfaces, Fig.70(b) shows large
irregular cusps on the 'crack' region of the lightly aged crystal,

which are very similar to the cusps seen on lightly aged
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polycrystalline alloy. Fig.70(a) shows the boundary between tle
'shear' and ‘crack' regions, and slip steps are visible on the
'shear! region, On the peak-aged crystal, Fig.70(c), the cusps

are very shallow, but regular, and are elongated over the whole of the

‘crack! region, The 'shear! region was not visible on this replica,

The overaged crystal exhibited a double cup fracture, and
in Fig,70(d) it is seen that the fracture surface consists of

irregulary cuspsy of widely different sizes, This type of cusp

pattern is different from the overaged polycrystalline material.
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5. DISCUSSION

5.1 The Relationship between Meohanical Properties and Structure.

Precipitation hardened alloys sre divided into two groups,
depending on whether, or not, the particles are sheared by dislocations
at small strains; the groups are distinguishable by the forms of

their stress-strain curves(B).

5.1.1 Group 1 alloys

The important characteristics of these alloys have been
described in Section 3.2., for several aluminium-based systems.
They are typified by the behaviour of Al-Cu alloys aged to contain
GP(1) or GP(2) zones. In the case of single crystals, these

characteristics are :

(a) critical resolved shear stresses at room temperature of the
order of 5-10 kg/mmz.

(b) work-hardening rates, during Stage 2, within the range
5-15 ke/mn’ .

() deformation initially by single slip,

Figsuit, 42, 47, 48 show that as-quenched and lightly azed
Al-Cu-ilg alloys fulfil the first two conditions, and the slip line

appearance of these soft crystals is consistent with single slip.

If dislocations cut through the particles, then the strengthening

(

has been shown 8) to arise from three contributions, in addition

to the strength of the solid solution matrix and any long range
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constraints., First, the increase in the particle-matrix interfacial
area; second, the formation of a disordered internal interface, if
the particle is ordered; third, the formation of an interface
dislocation, if the particle end matrix lattice spacings are different.
The estimation of the magnitudes of these contributions has been

described fully in section 3.k,

Before testing the various strengthening models on the group 1
alloys, it is necessary to estimate values for the metallographic
data which are used in the formulae. One of the most important
parameters is the volume fraction, f, of GPB zones. In the early
stages of ageing (0.01 or 0.015 day at 190°C) the zones have been
observed only as streaking in the diffraction patterns from thin
foils;(24’115) consequently no direct calculation of volume fraction
is possible, based on observed numbers and sizes of zones, A rough
estimate has been made by applying the lever rule to the mefastable
phase diagram proposed by Beton and.Rollason§92). It was necessary
‘to make certain assumptions regarding the structure of the GPB zones,
in order to estimate their density (S.Gl). Using the Geroldﬁzco
model for GPB, i.,e. consisting of alternate layers of Cu and lg
atoms lying on {10();A1 planes, it was further postulated that there
were equal numbers of Cu and Mg atoms in a zone and that these atoms
occupied the Al lattice sites, Such a model is feasible, without
excessive lattice distortion, since the average of the atomic diameters
of Cu (2,55 R) and lig (3.2L 8) 18 2,959 3, which is very close to

the atomic diameter of AL (2.86 8). (There is evidence, however,
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that the apparent atomic diameter of Al in solid solution is nearer
(116) )

2.71 & .) The GPB zone density (S.G.) was then taken as the

average of the densities of Cu and Hg. For the 7:1 alloy, £ for GPB

zones was found to be anproximately 0,011 and for the 2.2:1 alloy,

approximately 0.,018.

At a later stage of ageing in the 2.2:1 alloy, between 0,01 and
0.1 day at 19000, Sen<115) has observed needle-shaped zones in thin
foils., This ageing period corresponds to that in which Silcock(19)
observed what she termed 'GPB with streak', from X-ray studies.
Sen(115) has suggested that the zones termed GFB by Silcock are
spherical zones as proposed by Gerold(zo), and the 'GPB with streak!
are needle-shaped zones, after the model proposed by Silcock, and
that the latter only exist for a short period of ageing, whereas the
spherical zones persist from immediately after quenching right up
to the peak. Sen has measured the number per unit volume and the
gize of these needle-shaped zones; viz. approximately 101?/00. and
approximately 15 % diameter and 200 R long. This agrees with
Siloock's lower limit values of 10 - 20 { diameter, and 80 & long,

17 _ 018

and with Kelly and Nicholson's(B) figure of 10 for the

number of GP(1) zones per unit volume in Al, 4 wt.% Cu.

The calculated value for f from Sen's figures is 0,0035, which
is almost an order of magnitude less than the value from the
metastable phase diagram, There are two possible reasons for this,.

First, if spherical GPB zones persist throughout this ageing period
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as suggested by Sen, then the value of 1017 is too low, since this
is based solely on the needle-shaped zones, which are visible

in electron micrographs. Second, there is a large error (probably
50%) in the estimation of foil thickness, on which the value of

1017 is based. It is necessary to be more precise about the zone

density then Kelly and Nicholson's approximation of1017 - 1018.

In applying the formulae of Section 3.4., f values calculated

from the metastable phase diagram have been assumed.

A second important parameter is the mean planar interparticle
spacing. In the absence of metallographic measurements, because
the zones are not visible on electron mlcrographs, an estimate
of the spacing has been made from the volume fraction., Apart from
the considerable erfors in estimating volume fraction, i£ has
already been mentioned in Section 3.4,3, that the calculation of
spacing depends on which particle distribution is assumed. This

(117)

point has received further attention recently . The calculated

spacings vary, approximately, by a factor of 2, as a result,

[A1h)

For spherical zones, the mean planar particle radius, xr =

x radius(74), so that for spherical GPB, r is approximately 13 3(20).

b
gsing Ashby!'s formula(74) for randomly distributed particles, the
mean planar particle separation, d, { = % AJ[%;. r, = 2r, ) is
approximately 80 R for the 7:1 alloy and approximately 60 ® for the
2.2:1 alloy. Using the expression for non-randomly distributed

particles, which would produce the largest separation (= ~%-rp - 2rp).
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the values are 220 % and 170 & recpectively. It is thought that
the two smaller values are more realistic, bearing in mind that the
measured spacing(29) for GP2 zones in Al, L wt.% Cu aged at 190°C

is approximately 70 & in the early stages of ageing,

The third important parameter is surface energy, Two separate
surface energies need to be identified, viz. the particle matrix
interfacial energy and the energy of the disordered internal interface
if the particle is ordered. Neither of these can be estimated if
the details of the structure of the particle are not known, Kelly
and NiChOlSOH(S) have derived an equation for the upper limit to the
stress required to shear a particle by considering an overall
interfacial energy which includes both the surface energy terms
above, together with the interface dislocation term. (Equation
3.7 (b), Section 3.4.1.). Kelly'®?) and Kelly ana Fine9) used
the heat of reversion of zones to estimate this overall surface
energy. It was assumed that the energy of an atom at the surface
of a zone was one half the value of the energy of solution for an
atom caleculated from the reversion energy. The physicsl basis for
this is uncertain, and values of surface energy derived for zones

in A1-Cu and Al-Ag were in the range 100-200 ergs/ch.

Using the values for heats of reversion of 7:1 and 2,2:1, Cu:llg
alloys containing GP zones, from Beton and Rollason(92), viz. L.75

kecal/gm~-mol, of lig and 6.5 kcal/gm-mol. of Mg respectively, and
(34)

- applying Kelly's formula,

AE

Y = 3 B2
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where AE = heat of reversion/atom lig

b = nearest neighbour

separation, taken as 3 k.

then the calculated surface energies are 135 ergs/cm2 and ﬁgg—érgs/cmz
respectively. These values are slightly higher than expected, but
not unrealistic. ‘Bonar(29> has used & value of 300 ergs/cm2 for ¥

for GP(1) zones, as an upper limit,

The solid solution contribution to the strength cannot be

(27)

estimated accurately, but Dew-Hughes and Robertson have shown
that for unaged Al-Cu crystals, the C.R.S.8. increases by

1.53 kg/mm2 per at.% Cu. This value provides a lower limit in the
case of Al-Cu-Mg alloysy taking the % Cu remaining in solid solution
from Beton and Rollason's metastable phase boundaries. For 7:1
alloys thesoiid solution composition is 2 wt.% Cu, 0.25 wt.¥ Mg,
for which the Cu contribution to the C.R.S.3. is approximately

1.2 kg/mmz, and for 2,2;1 alloys, the solid solution is 1 wt.% Cu,
0.5 wt.% Mz for which the Cu contribution to the C.R.S.S. is
approximately 0.6 kg/mmz. The small amount of Mg present will
increase these values slightly so that the solid solution
contribution to the C.R.3.3., is estimated at 1.5 kg/mm2 for 7:1

crystals and 1 kg/mm2 for 2,2:1 crystals at room temperature.

Applying equation 3.9., long range effects will be expected

if:-
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where o = 0.25(29) for %ﬁ = 25.
& = 2.5 % 10° kg/mn°
T = 6k&&m2(7ﬂ) m~9k@&m2Q.&1)

i.e., d > 100b or 70 D,

Since the cstimated d values, (approximately 80 2 (27b) for 7:1
alloys and 60 & (20b) for 2.2:1 slloys) are less than those

calculated from the ecuation, no long range contribution to

hardening 1s expected.

Applying equation 3.7(b) to estimate the contribution from

cutting;
A
. 4= oy £
For 7:1 alloys, T = 2 ' v °

where Y = 135 ergs/om2
b o= 2.86x 1070 cms.
f = 0,011

then, T = 7] kg/ mm2

Por 2.2:1 alloys, Y = ﬁsg’ergs/omz

b = 2,86 x 10~8 cms .
f = 0,018

then, T = 729 kg/mmz-

It is not possible to separate the effects due to increasing
the particle-matrix interfacial area and due to disordering the
internal interface, because of lack of basic information about

the zones, e.g. the type and degree of order, and the disordering
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temperature, if any. Regarding the contribution due to interface

dislocation formation, Kelly and 1\37:'1_<3}.7.r31son“‘8> have shown that

Ab = b

unless Ab > 0.1, where b particle

5 matrix

b

interatomic spacing,
the contribution is very small, It was shown earlier that the
strain assoéiated with GPB is probably small so that the
strengthening from interface dislocation formation is likely to

be negligible,

Other poscible contributions to the strength are the elastic
modulus effect of Fleischer(86) and the stacking fault width
effect of Hirsch and Kelly(88), considered in Section 3.4.2.
Kelly and Nicholson(8) believed that the modulus effect was
long-renged and therefore should not apply here. In any case,
its magnitude cannot be estimated because the elastic modulus of

a zone is not known.

The zone aize is large enough to provide a strengthening
effect based on a change in the separation of partial dislocations
as they pass through the zones, particularly since the coherency
strains are probably sma11(88). Low stacking fault energy
precipitates of diameter > 20 2 in A1 would be expected to
contribute to the yield stress, and using the analysis of Hirsch
and Kelly this contribution would be approximately 2 kg/mm2 for

7:1 alloys and approximately 3 kg/mm2 for 2.2:1 alloys.,
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The relevant equations, giving upper and lower limits to T , are:-

T

1t

2
0. 04 (Yz' Y1)L‘/3. £3

and T

2
0.23 (v, - 1r,) . £°

where Y‘Z = SI'E of matrix

Y‘1 = SFE of zone

£ = Vol. fraction of zones
( Y, - Y'1) was assumed to be 200 ergs/cmsz,

as typical for metastable phases in Al.(88)

Sumning the contributions from solid solution strengthening,
from cutting and from stacking fault effects, the calculated
C.R.S. Stresses are J.3} kg/mm2 for 7:1 crystals, and 13.9 kg/mm2
for 2.2:1 crystals, compared with room temperature values of
6 kg/mm2 and 9 kg/mm2 respectively., In each case the calculated
values are about 0% too large, but taking into account the
uncertainty of some of the assumptions made, the agreement is fairly

good.,

The temperature dependence of group 1 alloys has been
described in Section 3.2,5. and discussed in Section 3..4.2.
Essentially, the obstacles to dislocation motion (GP zones) are
assumed to be cut in a single activated event, whence the flow
stress is predicted to be a linear function of T%; where T° K
is the testing temperature. The equation is described in Section 3.4.1.

and is repeated here :-



U -
= w2 _ (ET. Lo 3
T = - [ 1 (Uo ln = ) 3]

Values for U,, the activation energy for cutting at OOK, and v,
the activation volume have been calculated for Al-Ag, Al-Zn and
Al-Cu crystals containing GP zones,(95) from the intercepts and
slopes of the graphs of T as a function of T%. For Al-Cu
crystals containing ¢P(1), a zreph with two different slopes was
obtained(ZB), with two different Uo and v values, termed UoH and
Yy and UdL and Vo corresponding to theligh and low temperature

branches, respectively, Xach was associated with the cutting of

zones of different orientation in the slip plane.

Critical resolved shear stresses for the Al-Cu-Mg crystals
containing GPB zones have been plotted as functions of T% in
Fig.71. The interpretation, in the case of 2.2:1 alloys, 1is
uncertain because of scatter and lack of data, but assuming that
the plot consists of two streight line portions, valuesifor Uo
and v have been calculated, as shown in Table 5.1. together with

results for the 7:1 alloy and for binary Al alloys.
Table 5.1, (see page 16L)
These ternary alloy values are seen to be consistent with

those for the binary alloys. The small values for U, are in

* accordance with the small size and strain-free nature of the zones.
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Teble 5.1.
Alloy Uo , &V v, cm3
m-cu  gp(1) (28 0.2 (Uy) 7 x 10722 (v;)
-20
6 (UOH) 10 (vH)
M-cu  gp(2) (28) 5 6 x 1072
K-sg (95) 6 10720
Al-zn (95) 3.7 6 x10°°"
7:1, Cu:lig GPB 2 3 x 1071
~22
2.2:1, Cu:Mg GPB 0.1 (UOL) 6 x10 (vL)
~21
| 3 (UOH) 3.6 x 10 (vH)
2

The two branches on the T =~ T° graphs, for the 2.2:1 alloys,
similar to Al-~Cu containing GP(1), is not expected to result from
an orientation dependence of dislocation-zone interaction, since

GPB zones at this ageing staze are believed to be mainly spherical.

Two alternative explanations can be put forward,

First, it is possible that in the 2.2:1 alloys a few needle-
shaped zones have formed after 0.015 day. Sen(115) has observed
streaking on electron diffraction patterns indicative of needle-
shaped zones after 15 minutes (0,011 day) at 190°C, although
Silcock(19) shows a minimum ageing period of approximately 0.03 day
before 'GPB with streak' was detected, The presence of needle-
shaped zones might provide an orientation dependence of cutting

energy for those zones with their axes parallel to the Burgers

]
|
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vector of the dislocation, in a sowmewhat analogous way to GP(1)
zones. The smaller vaiue of U, (0.1 eV) is in accordance with the
smaller stress field surrounding GPB zones, compared with GP(1).
The higher temperature UOH and Vit values then represent the effects
of these GPB zones oriented in different directions (there are 3

different orientations) together with the spherical zones.

fiv]

!

O

It must be erphasised that the points on the T ~ T° graph
may not, in fect, represent two straight lines, buf only an upward
curve on a single line. Such a curve has been found for Al-~Cu
aged at 190°C to contain GP(2), where an appreciable amount of 8!
is also present. It is possible that S may be present in the 2.2:1

alloy, particularly if any quenching strains exist to provide

nucleating sites.

Values of activation volume, v, hsve also been estimated fgom
the distribution of the zones. For 7:1 alloys, assuming the zone

radiuvs, r, is 8 (20) and the spacing, 1, 80 & , then v (given

by 2rbl(8), where b is the atomic spacing) is equal to 3.7 x 10721
omB., in excellent agreement with the value of 3 x 10‘-21 om? in

Table 5.1. For 2.2:1 alloys, v is equal to 2.8 x 10—21 om?, for

spherical zones in reasonable agreement with the value for Vi of’

3.6 x 10~ omB., in Table 5.1. No estimation car be made for vy

Although considerable doubt has been cast on this type of
analysis for Al-Zn and Al-Ag by Price and Kelly(37), who showed

that the temperature dependence of the C.R,3.3. arose from the
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temperature dependence of the matrix solid solution, this is not
necessarily true for Al-Cu. Bonar(29) has shown thatv the solid
solution contribution to the strength of Al-Cu crystals is only
5-10% of the total, so that the temperature dependence of this
contribution cannot account for the gbserved temperature dependence.
Similar indications have teen found for the Al-Cu-Mg crystels.

Thus, although no zllowance has been made for the temperature
dependence of the matrix solid solution, the analysis is consistent
with that of other alloys where zone cutting is belicved to control

the yield strength.

5.1.2. Group 2 alloys

These alloys are characterised by having parabolic shaped,
single crystal stress-strain curves, with high initial work-hardening
rates, similar to polycrysials. ZX-ray examination of deformed
specimens indicates that slip occurs on several systems from the

(28,118)

start. This, together with the observed interactlion of

(29)

dislocations with the precipitates in thin foils indicates that

initially the particles are not sheared, unlike the group 1 alloys.

.1 Yield strength

Two models for the yield strength of zroup 2 alloys have been
proposed., Kelly and Nicholson(8) favour the Orowan model, whereby
the yield stress is identified with the stress required to expand
a dislocation between itwo adjacent particles(77’). Ansell and Lenel(sh)

identify the yield with shearing of the particle under the stress
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concentration caused by successive loops formed around it. Most

of the evidence appears to favour the Orowan model, as discussed in
Section 3.4.1., and this model seems to be obeyed, within o factor

of 2. Much of the discrepancy can be accounted for by differences

in the estimation of the planar inter-particle spacing in different
investigations, particularly for non-spherical particles and under

conditions where cross-slipping may occur readily.

In addition to the solid solution strength, long range
constraints may also contribute, since the spacing of the particles
is now larze enough for dislocations to lie in the energy 'valleys’

between them, The condition for this is

a » 5P
T
For a = 0,5 (29)
G = 2.5 x10° ke/m°.
b= 2.86 x 1070 cns.
T = 13 kg/mm2 (pezk)
or 10 kg/mm2 (overaged)
then d > 100 b (peak)

or > 125 b (overaged)

In the casc of peak =2ged and overaged 7:1 and 2,2:1 alloys,
where the major hardening precipitate is 5§ in the form of laths,
the interparticle spacing is very difficult ¢p measure due to the

(115)

high density of precipitation of the laths. Measurements at

higher ageing temperature have been made, as part of a study of
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coarsening of 8 precipitates(115). These measurements suggest that
the density of precipitation of the laths after 10 days at 19000 is
approximately 7 x 1013/00. and that the average size of z lath is
approximately 5000 2x600 8 x 250 2. These dimensions agree
roughly with estimates made from electron micrographs of 2,2:1-
alloys aged for 6 days at 190°¢ (24). From these Pigures an
estimate of the spacing between the loths has been made, assuming
that the separation is the same in the direction of each measured
dimension of the lath, It has also been assumed, to simplify the
calculation, that the laths are all aligned parallel to each other.
This is not believed to introduce a greater error than those
associated with the other assumptions. The value obtained is

1100 R, i.e. about 400 b. Thus, lonz ranze constraints are
expected to contribute to the strength. Bonar(29) has discounted
long range effects in Al, L.wt.% Cu 2lloys containing 6' as a result
of observations of dislocations beinz unaffected by or attracted
towards the precipitate particles. This is not necessarily so in
the case of S precipitates. Two types of long range stress have

3

been ipdentified,

First, the long range coherency constraints, the magnitude of

(81)

which is estimated from Mott and Nabarro , using equation 3.4.:-

T = 2Gef

Nabarro(119) has shown that for solid solutions, ef may be

Aa
estimated from the change in lattice parameter == , where

&
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A a is the difference between the lattice parameters of the solid
solution and the solvent metal aﬁd'a‘ is the lattice parameter for
the solvent metal, In the case of aged alloys containing a dispersion,
the strain in the matrix due to the particles may be estimated‘from
the change in 1dttice parameter, provided that the strain arising
from the residual sclutc content in the matrix is low, This assumption

has been made for alloys aged for 10 days. Pearson(120>

has

reviewed X-ray ddéa for thése alloys, which show that for 2:;1, Cu:lig
alloys annealed at 20000, the lattice parameter is almost identical
with that for pure Al, Consequently there are negligible coherency

strains in the overagzed alloy. No informction gbout the change in

lattice parameter with ageing time has been found, however,

Second, the effect due to the difference in shear modulus

(74,86)

between matrix and precipitate particle. In the region of
an abrupt chanse in modulus, such as near a large non-coherent
precipitate, a dislocation will be attracted or repelled (depending
on whether the modulus of the particle is greater or less than that
of the matrix) by a force which varies inversely as the distance

of approach from the particle. The stress required to overcome this,

in the case of a repulsive force, is of the form:
Gm (Gp - Gm) b .1

v LT (1~ V) (Gp + Gm) x
where Gm = shear modulus of metrix
Gp = shear modulus of particle
b = Burgers vector of dislocation
V = Poisson's ratio
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X = distance between dislocation
and precipitate

For Gp = 2 Gnm, then:
280 2 s
T = == kg/mm , Where x is in i "

This contribution can be large when dislocations are pressed against
precipitates. Howover, under conditions where the Orowan mechanism
applies, such an effect will simply decrease the interperticle
separation, Ashby(74) has estimated that x is then only
apnroximately 0,1 r, where r is the particle radius, for
intermetallic precipitates in metals, so that the Orowan stress is

not affected significantly.

As & contribution to the long range back stresses acting on

(86>, the modulus effect is very much less than the
() s

dislocations

Orowan stress, shown below by the calculation for the mean

(74) ,_

back stress, which is given by

Gp - Gm) b.f. 1
- (Gp ) L

i K

for Gp = 5 x 100 kg/mn°
Gm = 2.5 % 10° kg/mn”
b = 2.8 &
£ = 0.053
a = 1100 &

T = 0.026 kg/mm2
The value for f has been calculated from the estimated dimensions

and density of precipitation of 35 laths.
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The solid solution contribution is estimated at not more than
0.5 k/mn°.

The Orowan stress is given by:-

T = EL%%JEQ (cquation 3.6.)

This is a simplified form compared with Kelly end Nicholson's
equation, and does not take into account the size of the precipitates,
compered with their spacing. In the present case the uncertainty
atteched to the estimation of the spacing does not warrant a more

precise expression,

Taking a = 0.5
& = 2.5 x10° kg/mn
b = 2.8 %
a = 11008,
then, T = 6.5 kg/mm2

The total calculated yield stress is then approximately
7 kg/mmz, which agrees well with the measured value of approximately
10 kg/mm2 for overaged crystals. The errors involved in calculating

the interparticle spacing could readily account for the discrepancy.

In the case of peak aged alloys, the number of S precipitates is
greater and consequently their spacing smaller. The Orowan stress
is therefore larger, and the rapid work-hardening rate immediately

after yielding stuiggests that this is what governs the yield stress.
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Hovevel, the structure of the peak aged alloy is hetcrogeneous and
there are areas between =~ rowing laths of S phase which contain only
GPB zdnes.(115) These areas werc observed on electron micrographs
to be as larze ss 1500 2 square. They must offer a similar or
slightly greater resistance to dislocation movement than the aresas
containing S, or S =nd 8' precipitates. OSince the GPB zonec are
visible in the electron microscope they must be larger than thoze
in lizhtly aged alloys, so that long ranze effccts, in addition

to the cutting resistance end stacking fault energy contributions
of Section 5.2.1. arc probably responsible for the higher strength
in these § and @' frece regions. Such regions will also be expected

to influence the work-hardening in these alloys.

As predicted by the Orowan theory, the temperature dependence
of the C.R.3.8. for peak and overaged crystals is equal only to that
of the shear modulus, togetheor with a small contribution from the
matrix solid solution, Figs,59 and 60 show small temperature
doependences for 7:1 peak and overaged alloys and for 2.2:1 overaged
alloys, but the 2.2}1 peak ozed alloy shows a large temperature
dependence, similar to that of the lishtly aged alloy. Tais
suzzests that there is greatcr heterogeneity in the structure of
the 2.2:1 peok aged alloy so that dislocations moving in arcas
free from S precipit:tes contribute largely to the ‘deformstion.

This suggestion is supported by the work-hardening characteristics

of the 7:1 and 2,2:1 peek—aged alloys, shown in Figs.63 and 6k.

The 7:1 crystals are seen to have much higher work-hardening
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rates at the peak than those of 2.2:1 crystals, which (particularly

at 77°K) are similar to lightly azed crystals.
.2 Work-hardening

The rapid work-hardening rate observed in group 2 alloys has
been shown to result from a large increase in dislocation density

(28)

arising from turbulent slip. The marked temperature dependence
of the work-hardening and the increasc in the reversible change

of flow-stress with strain<28) has emphasised the importance of
cross-slip(S), s0 that a modification of Fisher, Hart and Pry's
mechanism for the formation of dislocation loops around the

precipitates has been proposed(B), (Section 3.4.4). Ashby's

equation (equation 3.10,) for the increase in flow stress due to

work-hardening, AT = % /£2§;= , predicts a parsbolic

hardening curve(74). Pigs.45, 46, 51 and 52 show that this generally
appears to be truc for Al-Cu-Mg crystals at different stages of
ageing, although experimental verification cannot be made due to

lack of precise valucs for £ and r. The change in work-hardening
rate with ageing is shown in Figs.6} and 65‘ The marked increase
near the peak is thought to be associated with the formation of
dislocation loops around the S and 8' precipitates, inthe same

way as that observed in Al-Cu alloys(29) containing 8' or 8, The
values of the work-hardening raetes in overaged 7:1 and 2.2:1 crystals
are equal to or smaller than those in overaged Al-Cu at room
‘temperature, but greater at 77OK. (Table 4.16) Fisher, Hart and

Pry showed that the initial work-hardening rate was proportional
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to A; 3/2 where £ is the volume fraction of precipitate and r is the
mean radius of the preéipitates intersecting the slip plane (the planar
particle radius) and Ashby showed that the hardening was proportional
to (f/r)%, In each case a greater hardening rate is predicted by a
large volume fraction of precipitate, and a small particle radius.

In both the 7:1 and 2,2:1 alloys, the higher total alloy content
(CutMg) and faster ageing probably result in a larger volume fraction
of precipitate after 10 days ageing, compared with Al, 3.7% Cu, and

the lath-shaped S precivitates have a smaller equivalent r value than
that for @! discs, resulting in the higher work-hardening rates
observed at -19600. At room temperature, howevar, the slightly

lower hardening rate for the 7:1 alloy compared with Al-Cu probably
represents the greater éase of cross-slip around the lath-shaped 8
precipitates in this alloy; the 2.2:1 alloy probably conteins more
precipitates and the closer spacing therefore compensates for the
easier cross-slip giving a higher work-hardening rate than in the

7:1 alloy. An alternative explanation, based on the yielding of S
precipitates is unlikely at this early stage of deformation, although

it is probable that the precipitates are sheared at higher strains,

{Section 5.3.4.)

The work~hardening of polycrystals has been described fully in
Section 4.1.4. The increase in work-hardening rate with ageing tine,
corresponding to the change from group 1 to group 2 characteristics
in single crystals, is also observed for polycrystals as shown in

Figs.20 and 21. The relatively high values for the as-quenched and
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lightly aged alloys, together with the parabolic shape of the
stress-strain curves, emphasise the marked influence of the grain
boundaries on the deformation of these alloys, This is discussed
more fully in Section 5.3. In the case of peak and overaged alloys,
the influence of the grain boundaries is egqually merked but in a
different manner., The work-hardening rates of polycrystals are less

than those of the corresponding single crystals. (Tables 4.7 and 4.16).

The analysis of work-hardening in polycrystals in Section L.1..4.
showed that the strain-hardening coefficients for alloys in the
same aged condition, when measured by different methods, did not
agree with one another. (e.g. for 7:1 alloys in Table 4.9.). In
the case of as-guenched and lightly aged alloys the true stress -
true strain curves are not parabolic over their entire length and
cannot be described by a single equation@21). Leg © =~ log €
graphs show three distinct reglons (Fig.22), consisting of a short
linear portion with non~linearity at lower and higher strains. The
low strain non-linearity is associated with transience following
yielding, but the high strain non-linearity represents 2 major
departure from the Ludwik equation. The physical significance of
this behaviour is not knowm, but it appears to be a characteristic
of pure A1(121) and Al solid solution alloys(61). These departures
from the simple Ludwik ecuation account for the failure of the

‘ d0/= /.
expressions n = T and n = //g /5 (Section 4o1.lk.

u

and Appendix 1) to describe the strain hardening of the soft alloys.
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Peak and overaged alloys have true stress - true strain curves
which tend to obey a single parabolic law, This is seen from the
log 6 - log € curves (Fig.22), which, after initial transience
associated with yielding, are linear, However, the values of n from
the slopes of the log G - log € plots do not agree with the values
obtained from the true strain at maximum load (Table 4.9.) These
latter values are always too low. ZXEven after correction, using
Swift's equation, whereby € o Was computed from (n-B), (Section 4.l
and Appendix 1) the values do not agree. It is proposed that the
discrepancy arises because the limit of uniform strain is reached
too soon due to non-uniform deformation within the specimen, In
the peak and overaged slloys deformation tzkes place preferentially
in the grain boundary precipitate - free zones, which work harden
rapldly as a result of boundery generated dislocations moving only
short distances within the zones., As a consequence of this, fracture
occurs preferentially within the precipitate-free zone. (Section
5.3.4.) This premature failure before the uniform strain potential
of the alloy, (as predicted by the Ludwik or Swift equation) has
been reached, is muppvorted by the observations that on certain
overaged alloys, fracture occurred on a rising stress strain curve,

This point is discussed more fully in Section 5.3.4.

5.2. The Fffect of lig

Metallographic studies(19’115) have shown that the effect of

Mg on the ageing characteristics of Al-Cu alloys 1s to speed up
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the ageing kinetics, and to alter the precipitate structure by

introducing additional kinds of zones and precipitates,

Conscquently,

o dirget comparison between the mechanicel properties ef Al-Cu and

.Al" Cll"'Mg

because the precipiteie structures are different.

between as-quenched and peak aged alloys

alloys after the same ageing treatments is not meaningful
A comparison

hes been made, however, to

provide information about the improvements in strength brousht about

by the addition of Mg to Al-Cu.

502.10

Supersaturated solid solution alloys

Table 5.2, shows yield stress and tensile stress values for

Al-Cu, 7:1 and 2.2:1 alloys.

Critical resolved shear siresses for

Al-Cu crystals have been estimated from previous work(27’35’36).

Values for as-quenched Al, 3.5 wt.% Cu polycrystalline material

have been assumed to be the same as those after 0,05 day at 19000,

since Hardy(26) has shown that no increase in hardnéss occurs until

0.1 day at 190°C in this alloy.

Testing
Temp erature,
°x

ilechanical
Proverty
kg/mm

77

295

C.R.S.5.

0.1% proof
stress

‘tensile stress

C.R.5.8.

0.1% proof
stress

tensile stress

Table 5,2

.

M, 3,5 wt.

% Cu
(AL, 1.6 at.

% Eu)

ran st P e A e 4 4 o

L.5

12,0
31.0
2,8

10.1

2506

t

Al, 3.8 wt,

% Cu,

10,56 Wi, PMg

© Cu,
1.58 wt. g

P(Al, 2.4at. | (A1, 3.2 at.%
%Cu + Mg) Cu + Mg)

6.7 641
13.4 20,6

36,2 43,3

3.5 L.8

9.9 15.3

27.6 33.9

{
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There is evidence (see Table 5.4 and Fiz.59) that the C.R.S.S.
for the 7:1 crystal at 77°K is incorrect and should be approximately
1.5 kg/mm2 less than the measured value, In which cuse the increase
in C.R.S.S. with % lg is approximately linear at both temperatures.
The rate of increase is 1.25 kg/mm2 per wt,% Mg, which ignores any
effect due to slight differences in the % Cu in each alloy., This
has been taken into account, by calculating the increasse in C.R.S.8.
as a function of atomic % (Cu and Mg), which is approximately
1.25 kg/mm2 per at.% (Cu and Mg)., This is lower than the value of
1.52 kg/}nm2 per at.% Cu found by Dew-Hughes and Robertson for
air-cooled Al~Cu crystals(27). Again, assumihg that the Q.R.S.S.
of the 7:f crystal at 77°K is incorrect, the temperature dependence
of the C.R.S.S. appears to be similar for all three alloys. Thus
the increase in strength of the erystals with increasing amounts of
solute from Al, 1.6 at.% Cu, to Al, 2,4 at.% (Cu and Mg) to AL,
3,2 at,% (Cu and Mg) is less than it would be for corresponding
increases in % Cu alone, but it has the same te&perature dependence,
This is also borne out by\Beevers and Honeycombe's(122) results on
solution treated A1, 2.4 at,% Cu, which has_a C.R.S5.8. of approximately
4.5 kg/mn° at 295°K, compared with the 7:1, Cu:Mg value of 3.5

kg/mm2 in Teble 5.2.

In the case of Al-Cu supersaturated solid solutions, elastic
interactions between dislocations and the strain fields of the
smaller Cu atoms in the matrix, together with the presence of

vacancy loops and helices and Cu atom clusters provide the major
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contributions to the strength. If some of the Cu atoms were replaced
by Mg, the strain fields of Mg and Cu stom pairs would be very smell,
since the sum of their atomic diameters is approximately the same
as twice the atomic diameter of Al. (Section 5.1.1.,) Furthermore,
Mg atoms which form Mg-vacancy pailrs would also have smeller straini
fields than singlc Mg atoms. Thus the strengthening due to elastic
streins surrounding Cu atoms in solid solution should be reduced by
these two effects. Since the Al-Cu-Mg crystals are strongerthan
Al-Cu crystals with the same Cu content, then the higher strength
must result from other contributions. The vacancy loop density

is probebly higher in the case of the Al-Cu-Mg crystals, since these
were water-quenched, whereas the Al-Cu erystals were zir-cooled,

27)

Devi~Hughes and Robertson we shovm that water-quenching can

. . 2 . a
produce an increase of approximately 2 kz/mm” in the C.R.S,S., of
water-quenched Al-Cu crystals, compared with air-cooled or acetone-

quenched ones., - Wilson and Forsyth(123) have found that the dislocation

arrangement in quenched alloys depended on the severity of the quench.

The higher retained vacancy concentretion in quenfhed Al-Cu-Mg
alloys and more rapid diffusion might enhance the solute clustering
contribution to strengthening, In this case, although elastic
strain in the metrix is still small, the strengthening would be
controlled by the interfecial energy and stacking fault energy
contributions in a similer way to GPB zone hardened alloys already

described. (Section 5.1.1.).
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Table 5.2 shows also that the 0,1% proof stress and tensile
strength changes reflect these increases in the shear strength of

the matrix, They also increase approximately linearly with % Mg.

5.2,2, Peake~aged alloys

The changes in C.R.S.S., 0.1% proof stress and the tensile

strength with % Mg are shown in Table 5.3,

Table 5.3
Testing | Mechanicel | A1,3.5wt.% Cu | A1,3.8wt.% Cu | A1,3.3wt.50u
Temp, K Propepty | (Al,1.6at.% Cu) | 0.56wt.% Mg i 1,58wt.% Mg
Kg/mm ©(A1,2.4a8,%CusMg) | (A1,3.2at.%CutMg) ;
77 | GRS, 1 85 I T 17.2 ;
0.1% proof
stress 20,8 37.1 1.7
Tensile :
strength 35.6 48,3 50.0
! C.R.S.5, 8.0 13.2 13.5
{ 1
]
; 0.1% proof ! '
stress 17.5 30.5 3.2
Tensile ; ; : , i
strength 27.9 : 37.9 ! 42,6

- IR -

The increase in C.R.S.S. is almost linear with atomic %
(Cu and Mg), at 7?9K and the rate of increase is very high, being
approximately 7.5 kg/mm2 per atomic % (Cu and Mg)., This rapid
increase id due to the smaller interparticle separation of the §
precipitates compared with ©' as a result of their lath-shape.
This increases the Orowan stress to expand dislocations between

the precipitates.
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At 295°K the C.R.S.5. increases equally rapidly from Al, 3.7 wt.
7 Cu to the 7:1, Cu:Mg alloy, but the 2,2:1 alloy then has the same
C.R.5.5., value, An explanation, taking into account the heterogeneity

of the structure in this alloy is given in Section 5.1.2.

The increase in 0,1% proof stress and tensile strength of
the polycrystalline material with % Mg is non-linear and this follows
the same trend as the change in hardness with composition discovered
by Hardy(18). Both the proof stress and tensile strength measurements
are influenced by the work-hardening rate of the material, which
is greatly influenced by the nature of the precipitate particles.
In the case of the 2,2:1 alloys, where the structure is heterogeneous
and the work hardening rate of peak-aged crystals is low, (Section 5.1.2)
the measured proof’ stress and tensile strength are less than would

be predicted if the material were homogeneous.,

5.3 The Compgrison between Single Crystal and Polyvcrystal

Mechanical Properties.,

5.3.,1 The aggregate theory.

Attempts(124’125’126)

to relate the plastic properties of
polycrystalline material to the basic deformation behaviour of
single crystals have hot been entirely satsifactory inthe case of
tensile deformation., Apart from the fact that dislocation movements
in single crystals are not precisely known, the constreints imposed

by a grain in a polycrystal on its differently oriented neighbours

can induce additional deformation mechanisms, such as localised slip,
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the operation of additional slip systems, and the formation of grain
boundary pile-ups. Consequently, most theories have been based on
macroplasticity concepts, assuming only deformation by crystallographic

s1lip,

(124)

Taylor's analysis dealt with a polycrystal, composed of
randomly oriented f.c.c. crystals, under uniaxial tension, He
assumed that the grains were rigid-plastic, (i.e., no elastic
deformation and a sharp yield point with no worlk-hardening) and
underwent the same homogeneous strain as the aggregate in order to
retain boundary continuity. He also assumed thet the operative
slip systams whre those for which the sum of their separate magnitudes
were least, in order tc calculate the amounts of slip in each
crystal. An allowance was made for the von Miscs criterion that
constent volume strain recguires the operation of five independent
slip systems. Shear stress and shear strain in a single crystal

wers then related to the tensile stress and strain in an aggregate

by means of an everage orientation factor, M, equal to 3.06.

Thus o = MY
and & = /M
where, O = truc gonsile stress
€ = true tensile strain
T = single crystal shear stress
a = single crystal glide sitrain

The factor M is analogous to the Schmid#¥ factor m = —mu-%r--——-
cos A, cos @
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-

(seo Appendix 2) relating the applied tensile stress, O, acting on
a single crystal to the shear stress, T ; on the operative slip
plane throuzh the relationship,

i

cos A, cos @

T =

Confirmation of Taylor's findings has been obtained through more

rigorous analysis by Bishop and Hill(125) and by Kocks(126) Woo

has also examined the physical assumptions which were made,

First, grain boundery continuity requires simultansous slip
on at least five systems, Polyslip must therefore be the basic
mechanism of polycrystal defcrmation. Only single crystals with
<100 > or <111 > orientations arz able to deform in tension
by simultaneous slip on five or more systems (8 and 6 respectively).
Good agreement has besn shown between polycrystal and aggregate
stress-strain curves, derived, using Taylor's formulae, from shear

(126,127)

strgss~glide strain curvns for <111> Al orystals In

the case of <100> ecrystals, agreement was only obtained during

(127)

the early stages of plastic strain

Second, each grain was assumed to deform homogeneously, ie,
unif'orm slip over the whole grain. Bishop and Hill(125) and

Kocks(126)

maintained that this assumption was unnecessary, although
the deformation may be dealt with, mathematically, as though it were
homogenecous, Richards(128) claimed experimental confirmation for

this point of view from deformation studies on textured Cu material,
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Third, an implicit assumption in Taylor's theory wasthat
all slip systoms, latent and active, hardened equally during
deformation, This is clearly invalid, since it implies that the
stress-strain curves for single crystals are orientation indcpendent.

(129)

However, Hosford has pointed out that the assumption only

needs to apply to polyslip deformation, since this is a prerequisite
of the Taylor theory, From plane-strain compression tests on Al
single crystals, repvesenting ten differvent combinations of four

or more active slip systems,'Hosford showed in cach case that the
sheer stress-glidc strain curves were similar to cach other and

to a polycrystal curve, This implied that the shear stiress depgnded
primerily on the amount of prior slip and not on the particular |
combination of active systems, in support of Taylor's assumption.,
Kocks and Brown(15o) carried out compression tests on Al single
crystals, previously deformed into Stagze 3. The flow stresses
required to activate secondary slip on each of the 24 possible
systems were then found to be very similar. This meant that the
anisotropy of the yield surface was small, under thesc conditions,
and the Taylor assumption jﬁstified. However in tensile tests, <100>
Al erystals have shown anomalously low work-hardening behaviour after
5% straiﬁ, corpared with <111> crystals(151). The suggestion has
"been made that this is caused by mutual work-softening of the primery

(132).

and cross-slip systems

Fourth, Taylor and Bishop and Hill both assumed rigid-plastic

material, This assumption is valid only when elastic strains are
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very small compared with plastic strain. Lin(133) and Budiansky

and wu(134) have considered the effect of elastic strains,and shown
that near the yield point, where plastic strains are small, the value
of M can be reduced well below 3.06., Their analysis, which is
entirely theoretical, predicts that M is equal to 2,2 when the plastic
strain is only 7% of the elastic strain, but increases rapidly to
reach the Taylor and Bishop and Hill value after plastic strains of
the order of 0,1 - 0,5%. Une of the assumptions made is that any
interference between the grains can be ignored at low strains, and
this corresponds to the physical picturc envisaged by Kocks(126) of
slip starting on a single system within a few favourably oriented
grains, and spreading to two, thrsee and more systems after further

deformation, An early aggregate theory, by Sachs(121)

s also
ignored interactions between grains, M being calculated from the
average of the Schmid factors for all 24 slip systems in a f.c.c.

crystal, It is interesting to note that the value obtained for M

wes squal to 2,24,

The effect of work-hardening was also considered by Budiansky
and Wu(134), who shewed that M is increasgd after large straeins,
reaching a value as high as 3,6, The physical validity of the
assumptions made was not discusscd and thers is no experimental

evidence for the enalysis.
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5e3.2 Tests of the aggregate theory

o The yield stress

Previous results for Al crystals suggest that agreement between
aggregate and polycrystal stress-strein curves is not very good at small

(124, 127)

strains, using the Taylor factor M = 3,06, Only Kocks(Jl 26)
has shown good agreement at the yield point for an aggregate curve based
on a<111> Al crystal.

Table 5.4 shows yield point parameters from single crystals and
corresponding polycrystals of Al-Cu-Mg alloys used in the present
investigation. Values of 3.06 T (where T, is the C.R.S5.S. of the
single crystal) are in column 3, and the values of the proportional
limit, OO(P) , for polyerystals with corresponding ageing treatments
are in column 5, For as-quenched alloys, with the exception of the
7:1 alloy tested at 77°K, there is agreement between the values of
3,06 T, and O  (P). (There is evidence (Table 5.2 and Fig 59) that
the C.R.S5.8. for this 7:1 c_:rystal is incorrect, so that the 3.06 Ty
value is high.) For aged alloys, 3.06 T, values are significantly
greater than the O (P) values., To ascertain whether; or not, these
differences might be caused by errors in measuring OO(P), values of
0,1% proof stress for the polycrystals (00.1 (P)) are showm in column
6. These, too, are significantly smaller than the corresponding values
of 3,06 T .

It is concluded that aged alloys show no agreement with the Taylor
theory at the yield point. As-quenched alloys show approximate agreement,
(with the exception of the 7:1 alloy at 77°K)’ca,1d.ng into account the fact

that only one crystal of each composition was tested at each temperature.
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Table 5.4
Aged | To i 3.06 Tb (S)
" Condition kg/mm2 g k.g/mm2 g kg/mm g kg/mm %
131, CusMe
M. 295% 55 + 107 . 7.0 | 8 |
o 77% 6.6 1 202 ¢ 137 | 115 |
Lo.01a  295%k 5.8 ' 17.8 11,7 | 129 i
2 77°% 8.4 | 25,7 | 165 | 20,5 |
i0.1a  295% 1.3 | 36 | 26.2 21,3 |
77% 134§ 40,0 | 3.6 28.8 |
0,54  295% 132 | 404 | 28.6 | 27.9
77°k 15 | Mh3 | 3.2 | ka6 |
{108 295% 1047 32,7 2.5 23.3 |
} 77K 12,0 36,7 27.8 29.3 ,
X . i
2.2:1, CusMg t
AQ 295°K La? bl 9.8 13,4 |
77°K 6.1 18.7 13.6 18.8 |
0.0158 295K 8,7 | 26.6 1745 201 |
195%k 9.3 28.1; 19.0 21,9 |
14,8°K 10.9 33.3 22,5 25 |
77K 12,3 37.6 2.7 29,4 |
0.1d 295K 10.5 32,1 26,0 22,4 !
77K 13,9 | 42,5 32.7 32,5 |
0uhd 295K 13,2 14044 28,5 3ok
195% oy 44,0 3001 b 34,2
14,8°K 15,8 48.3 | bk 36.6
77K 17.0 52,0 33,2 3814
10d 295%K 9.5 29,1 20,9 22,5
195°k 8,8 26.9 19.8 23.8
i 148% 11,1 3.0 | 24.8 | 26,0
77°K 1.0 | 33.7 P 2.6 ‘ 27.3

9.8
1344
15.3
22,4
2ol
31.0
30.2
37.2
2h.2
3.0

1543
21.2
2.7
2344
2646
31.2
26
a3
33.6
35.6
3842
40.9
2e3
25.7
27.6

[ 29.8

b2.5

(P) - 001(13)
ke/mn® |

B

00@2”55

24l
1.7
2.2
2.4 -
1.9
2.2
2.1
2.4
2,2
2.4

2.8
3.1 !
2.3
23 |
2.3
24k
2.1
2.3
2.4
2.4
2.3
2.3
2.4
2.7
2.3
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In column 7, values of the ratio CO(P)/TO (= M) have been
calculated, to see how they compare with the Taylor value, 3.06, They are
seen to be consistent and reasonably close %o the minimum value of 2.2
calculated by Budiansky and Wu(1 2k ), taking elastic strains into considera-
tion in the Taylor theory. The mean of the values in column 7 is 2,35,
and the difference betweecn this and 2.2 represents a plastic strain of only
0.025%, on the Budiansky and Wu analysis, This is within experimental
error, since it is of the same order as the width of the pen trace on the
recorder chart. There appears to be some experimental support, therefore,
for a model based onanelastic correction to the Taylor theory.

As an alternative, values of 'bhe. engineering yield stress, 0y(S), for
single crystals, in column k4, have been compared with Oy (P) values. 1In
the case of the 7:1 alloyé, the differences between OA(S) and O_(P) are
fairly random, but for 2.2:1 alloys, +there is a trend for OO(P) to be
10~-15% greater than 0,(S). In both alloys the differences are outside
the limits of experimental error for stress measurements, estimated to be
b maximum,

A statistical analysis of the data for all the alloys in Table 5.4

has been made to try to distinguish between the two possibilities, viz.,

0 P) = 2.2 7T, or O_(P) = O,(8). Regression analyses
produced correlation coefficients of 0,93 for O 0(P) = 2.2 7 o and
0.90 for O ,(P) = O4(S)s The slope of the regression lines were

compared with a slope of 1, which was shown to lie within the 95%
confidence limits of the regressions, No significant difference (by
Student's t test) was found between them.

Using only the data for well-aged alloys, (greater than 0.1 day),
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. since single slip has been shown to be unrepresentative of polycrystal
deformation, similar analyses were carried oute The correlation
coefficients obtained were 0.87 for O _(P) = 2.2 T, and 0,79 for
OO(P) = 0,(8). Comparing regression line slopes, it was shown that

a line of slope equal to 1 was significantly different from the O  (P) =

0 ,(8) slope, at the 95% level, whereas for O4(P) = 2.2 T, there
was no significant difference, This suggests that the yield stresses of
aged single and polycrystal alloys support the aggregate theory predictions,
taking into account corrections for elasticitys  Furthermore, <JO(P) equal
o © O(S) would mean that there was a strong orientation dependence of the
CeReS.5¢ for aged single crystals. This has not been obserwdin previous

work on Al alloys (Section 4.2.1.4), nor in the present work.

2. Beyond the yield point

Results for pure Al(126) show that aggregate curves calculated from
tsoft! (non-polyslip) orientation single crystal curves, have lower work -
hardening rates than the corresponding polycrystal curves. Both as-quenched
and. GP zone~hardened crystals of Al alloys show similar work-hardening
characteristics to pure Al, (Section 4e2.1.4.) since solutes and GP zones
introduce an additional 'frictional'! resistance to dislocation movement but
work-hardening interactions remain similar. Thus in Figs. 72 and 73 the
aggregate curves for as~-quenched and GPB‘zone—hardened crystals respectively,
using Taylor's theory, have lower work hardening rates than the corfes—
ponding polycrystal curves. The agpgement between the two curves at the
yield point for as—quenched alloys, is consistent with Kocks' results

for pure Al, where the C.R.S5.5. is orientation independent(126). The
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Budiansky and Wu correctioﬁ may not be so important here since the yield
stress is low and consequently the elastic strain is smalle The 7:1
as=quenched alloy at 2950K shows good agreement up to 12% strain, but
the 7:1 alloy at 770K is similar to the lightly aged alloys, examples of
which are shown in Pig. 73, Herec the aggregaﬁe curves start at higher
yield stresses but still have iower work hardening rates. Consequently
the curves intersect at approximately 4% strain in the case of the two
7:1 alloy specimens and at approximately &% strain for the four 2,2:1
alloy specimens, These features can be explained qualitatively,

The higher yield stress values, compared with as-quenched alloys,
result in larger elastic strains, so that the Budiansky and Wu correction
becomes significant, as seen by the fatios oO(P)/‘l.‘o in Table 5.4, being
approximately equal to 2.3+ Beyond the yield the rate of work hardening
is low since both the as~-quenched and lightly aged crystals have !soft!

(126) .

orientations, This is consistent with results for pure Al The
explanation is not supported quantitatively, however, since the Budiansky
and Wu analysis predicts that the elastic correction becomes less important
as the plastic strain increases, until after only 0.5% strain M ham
increased to 3,06, The aggregate and polyorystal curves should therefore
intersect before 0,5% strain, instead of between 4% and 8% as observed.
The load-elongation curves for peak and overaged crystals are
parabolic and many of the specimens retain their circular cross~sections
after straining, The rapid initial work-hardening has been attributed to
slip on many systems (Section 3.4.l.) This suggests that good agreement
should be obtained using the Taylor, Bishop and Hill theory for which

polyslip is a prerequisite, However, without knowing the operative slip
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systems it is not possible to calculate the shear stress and shear strain
values for each crystal. As a first approximation it was assumed for
crystals with initial orientations near the <100> ~ <111> boundary
that slip takes place equally on primary and conjugate systems, and that
glide strains are equivalent to those calculated for <112> ecrystals.
Other crystals used had orientations necar <100> or <110> .
Relationships between true stress, o s true strain, € s and resolved
shear stress, glide strain for these orientations have been given by

(135)

Mukherjee, Mote and Dorn assuming octahedral slip on the most

favoured systems and no lattice rotation as -

Tensile A Resolved shear Total glide
. cos cos @ - ;
axis stress, T. strain
<1125 3/, Jz/} 16,3 N6 . &
<100 > T Ao 13 TN O NG , &
<110> 1 V2, /N O Ne . &

Values of resolved shear stress and glide strain have then been multiplied
by the appropriate Taylor factor (M and % respectively) to produce
aggregate true stress and ftrue strain,

Comparing aggregscte and polycrystal curves for 16 alloys aged
between 0.1 dey and 10 days, it was found that the work hardening rates
of the aggregate curves were generally twice as large as those of the
polycrystal curves. It should be noted that the method used to
estimate the resolved shear stress and glide strain produces a minimunm
value for the slope of the aggregate curve,.

Since there was no agreement between aggregate and polycrystal curves,

true stress - true strain curves for single and polyerystels have been
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compared directly, and examples are shown in Fig, 74. The curves are
parallei to each other right up to the limit of uniform strain. For
the 7:1 alloys, +the single crystal ourves lie above the polycerystal ocurves

at 2959K, but below them at 779K. In each case the difference in stress
between the curves was never greater than 3 kg/mmg. For 2,2:1 alloys, the
single crystal curves are always below the polycrystel curves., For peak aged
alloys the difference in stress between them was as large as 6 kg/mmz,

but for overaged alloys, less than 3 kg/mmz. The observed differences
between the curves must represent the grain boundary contribution to the
strength of the alloys. TWith the exception of the peak aged 2,2:1
alloys, these differences are very small and are constant thrOQghout
the work-hardening periods Taking into account the errors in stress
and strain measurements for each curve, it may be concluded that the
work hardening in single cnystalsvan& polycrystals of overaged 2.2:1

alloys and peak and overaged 7:1 alloys is identical,

3. Summary

(1) As-quenched and lightly-eged alloys.

Yield stresses for aggregates calculated using the Taylér formula
are approximately equal to the corresponding polycrystal yield stresses
for as-quenched alloys. This agrees with certain results on pure Al(126).
The aggregate yield stresses calculated for lightly aged orystals are
greater than the corresponding polycrystal yield stresses. The

differences can be accounted for by the Budiansky and'Wu(13#)

analysis
which takes elastic stroin into consideration, This may result from
the larger elastic strains in these alloys due to their higher yield

stresses,
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For both as-—quenched and lightly aged material, the work hardening
rates of the aggregates are less than those of the corresponding
polyorystals. The single crysta.ls all had !'soft! orientations, (deforming
initially by single slip), for which low work hardening rates in aggregate
ourves have also been found for pure Al(1 26). Other minor effects,
which might contribute to the work-hardening rate differences are the
grain size and degree of preferred orientation of the polycrystals.

(i1) Peak and overaged alloys.

Yield stresses for the aggregates are greater than those of the
poiyctystals. The differences can be accounted for by the Budiansky and
Wu correction to the Taylor factor. However, the work hardening rates
of the aggregates are much greater than those of the polycrystals,
suggesting that the aggregate theory does not apply., This is most
likely to be because the deformation of the single and polycrystals is
very similar. With the exception of peak aged 2.2:1 alloys, this is
confirmed by comparing true stress - true-strain curves, which are
substantially the same for the single and polycrystals. The grain
boundaries, therefore, do not appear to affect the deformation of these

alloys between the yield stress and the limit of uniform strain.

5¢3¢3s Yield points and serrated yielding

1. Initial yield points

In Al-Cu and 7:1 and 2,2:1 Al-Cu-Mg alloys, yield points are observed
only with single crystals. The results obtained for Al-~Cu-Mg alloys in
the present investigation are summarised below :-

In as-quenched and lightly aged crystels the yield point becomes

sharper with decreasing temperature (see Figs. 41, 42, 47, 48), Yield
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drops are observed at low temperztures, as shown in Table 5.5.

Table 5.5
: Cu:Mg | Ageing Testing Yield drop | % Yield drop
Crystal ratio treatment temp. mmgr T P~ TLYP
e N : bt e e Tiyp
R2 71 As quenched 77°K 0.03 -“m”40,25%-w‘"
R15 7:1 | 0,01 day 77° 0. %1 147

Y 7:1 | 0,01 day 77°K 047 2,50 g
24N 2.2:1 | As quenched 77k 0.16 10 2%

21 2.2:1 | 0,015 day 199°k 0463 3.%%

2AB 2,2:1 | 0,015 day 1,8%K 0463 2,4%

26 2.2:1 | 0,015 day 77%K 0485 3.1%

2B 2.2:1 | 0.015 day 77°K 0495 3.8

In alloys aged for 0.1 day the yield point becomes sharper with
decreasing temperature. (See Figs. 43, 49)

In alloys aged to peak and overaged the yield discontinuity appears
to be unaffected by decreasing temperature. Peak aged alloys show more
narked discontinuities and overaged alloys less marked discontinuities
with increased % Mg, (comparing Figs. 45, 51 and 46, 52 respectively).

Thus, although changes in the slope of the load-elongation curve at
the start of plastic deformation are observed in Al-Cu-Mg crystals at
all stages of ageing, actual load drops only occur with as-quenched and
lightly aged specimens, tested at low temperatures. In the case of Al-Cu
alloys, no precise details about the initial yield points of sclution
treated A1-Cu crystals have been reported,(35’36) but Price and Kelly(37)

have shown that the yield drops exhibited by GP zone-hardened Al-Cu

N
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single crystals tested at 77OK result from geomctrical softening. For
the Al-Cu~Mg crystals in which yield drops have been observed, (Table 5,5)
it has been shown in Section 4.2.1:3 that the yield points do not result
fron geometrical softening.

Other mechenisms for discontinuous yielding which might be expected

to apply here have been considered by Cottrell(136).

Where a sharp

yield point occurs, there is a sudden increase in the number of mobile
dislocations at the start of plastio flow, This may result from the
oreatlon of dislocations in the lattlice, the multiplication of dislocatilons,
or the unpinning of immobilised dislocations, Yield drops caused by
dislocation creation are generally only observed in whiskers, but
Cottrell(136) considers that in the vieinity of inclusions ete., stress
concentrations can cause dislocation creation in materials where all the
dislocations are immobilised by solute pinning, even though the applied
stress is below the unpinning stress. Dislocation multiplication as a

(137)

yield point mechanism has been studied in LiF and other materials.

The plastic strain rate in a crystal, € , is expressed by the equation,
€ = nbv

number of mobile dislocations and
i5 a function of strain

where, n

c'
1

Burgers vector

<
1

dislocation velocity, and is a
function of stress

It is postulated that at the start of plastic deformation there are
only a few dislocations which have to move quickly and thercfore at
relatively high stress to accommodate the applied strain rate. When the

dislocations multiply, their velocity decreases in order to maintain a
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constant strain rate, thus causing a fall in stress, provided that v

is sufficiently stress sensitive. Johnston(138) has shown that, on
this model, the magnitude of the yield drop is diminished if the
initial density of mobile dislocations is increased, if the initial
work-hardening rate is high, or if the stress dependence of dislocation
velocity is small. He also showed that machine sﬁiffaess, applied
strain rate and dislocation multiplicaticn rate had little effect on

136)

the lozd drop. It is generally considered(121’ that this mechanisnm

is unlikely in f.c.c. metals since the dislocation velocity is
relatively insensitive to stress (v proporticnal to ’t?OO for Cu,
compared with v proportional to ’525 for Li F) . However, if there
wWwere no mobile dislocations at the start of plastie deformation(eg.

as a result of pinning) and the work-hardening rate was very low,

then a small yield drop might be predicted, on this model, for some
f.c.c. crystals., Dislocation unpinning, that is, a dislocation being
torn away from its atmosphere of impurity atoms and defects has, until
recently, been postulated as the basic mechanism for most yield points
. and strain-ageing behaviour. However, the upper yield point will
only be cqual to the unpinning stress if the pinning is relatively
jeak, otherwise dislocation creation or multiplication may take
place first. The magnitude of the pinning effect is governed by the
interaction (or binding) energy between the dislocation and the

solute atom and/or defect, together with their distribution about the
dislocation line. In.f.c.c. metals, edge dislocations are more strongly

o (139)

bound to solute atoms and vacancies thanfscrew dislocations.
\
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The binding energies are in the range 0.02 - 0.1 eV per solute atom
or vacancy, compared with 0.5 - 1 &V for interstitial atoms in b.c.c.
metals,(139).However, for Al-Mg, Wéstwood and Broom(h7) have estimated
that the binding energy between a dislocation and a Mg atom in Al

is as high as 0.2 eV,

It is most probable that the initial yield points observed on
curves of as-quenched and lightly aged single crystals are caused by
a dislocation creation and multiplication effect; as a result of strong
dislocation pinning. The strength of the pinning is an important
aspeét of both the Cottrell-locking and dislocation multiplication
models of yielding. In each case it affects the magnitude of the
yield drop, either by determining the unpinning stress or by
controlling the initial density of mobile dislocations. In Tsble 5.5
the magnitudes of the yield drops are scen to be demperature and
composition dependent ; lower temperaturesand higher kg contcnt increase
the size of the drops. The temperature effect is caused by the
diminishing effect of thcrmal fluctuations in assisting dislocation
breakaway from atmospheres. The effect of Mg in the supersaturated
solid solution crystals is caused by the higher concentration of
solute atoms around the dislocations. This results from the migration
of IMg-vacancy pairs to dislocations, where the vacancies con@ense,
leaving the Mg atoms forming atmospheres around the dislocations,
There is a possibility of a higher density of GPB zones forming in
the vieinity of dislocations because of the greater concentration of

solute atoms there.
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Since the single crystal yield points are small, and there is
no yield discontinuity on the corresponding polycrystal curves, then
it is unlikely that the load drops are caused solely by dislocation
unpinning. If there were a catastrophic release of locked dislocations
at a stress in the polycrystals corresponding to the upper yield stress
in the single crystals, then some trace would be expected on the load-
elongation curve. Despite the very rapid initial rate of work-hardening
in any polycrystal, yield drops are indeed observed in Al-lMg

polycrystalline alloys(h5’51). On the dislocation multiplication

(136)

model, however, Johnston has shown theat increasing the rate of
work-hardening mafkedly reduces the magnitude of the yield point.

In the present investigation the work-hardening rate of a polyerystal
is almost 103 times the stage I hardening rate of the single crystal.
(sec Figs.18 and 50 for example). Furthermore, at the start of the
plastic deformation, the rapid increase in dislocation density in

the polycrystal; due to dislocation creation and multiplication at
the houndaries would overshadow any dislocation multiplication effect
as a result of a low initial density of mobile dislocations due to
pinning. The absence of yield points in the polycrystals can,

therefore; be satisfactorily explained on this model.

It is proposed that the following mechanisms are operative.
In as-quenched alloys, dislocations are pinned by solute atoms or
clusters after quenching. When tested at room temperature, yielding
is gradual in single crystals, (Figs.41 and 47) because thermal

fluctuations assist in unpinning portions of locked dislocations.
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When tested at 77°K, the crystals show sharp yield points, because
thermal fluétuations are unable to assist in unpinning and there is

a rapid multiplication of dislocations, probably by dislocation
creation at stress concentrations near the grips. The effect is

nore marked in the 2.2:1 alloys where there are noreMg atoms than in
the 7:1 alloys, which nin dislocations more strongly, possibly because

the atmospheres around the dislocations are larger.

After light ageing, dislocations are pimned at frequent
intervals along their length either by GP zones or intermediate
precipitates, depending on whether the precipitates are preferentially
nucleated on dislocations, or not. In the case of Al-L% Cu crystals,
aged for 2 days at 16500(37), the dislocations are almost certainly
decorated with €' precipitates, yet the yield points at 77°K were
shown to result only from geometrical softening. This suggests that
there is very little dislocation pinning by 6'. The 7:1 alloy aged
for 0.01 day should contain only GPB zones, but it is probable that
small amounts of @' and S are also present,(19) in which case the
dislocations will be decorated with 6! and S, since these are both
preferentially dislocation-nucleated. At room temperature, yielding
is smooth (Fig.L?2) becausc of therm2lly assisted dislocation breakaway.
As the teaperature is lowered, the yield points become sharpér,
until at 77°K, a yield drop occurs, which is shown in Fig.65 to be
steeper than that predicted solely by geometrical softening. This
could result from stronger dislocation locking by GPB zones or S

precipitates compared with ©', Alternatively it could mean that the
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solid solution matrix is stronger, so that the operation of dislocation

sources requires a higher stress than in the case of Al-Cu.

The 2.231 crystals aged for 0.015 day should contain GPB zones(19)j

with S precipitates probably decorating the dislocations. Room
temperature yield poiats are fairly sharp (Fig.lL8), and lowering

the temperature to only 199°K is sufficient to produce a yield drop
which becomes larger as the temperature is lowered to 77°K (Fig.65).
Again, in order to explain these more marked yield drops compared with
the 731 alloy, it is not possible to distinguish between more effective
dislocation pinning by GPB or S precipitates, or more difficult
dislécation creation and multiplication due to a stronger matrix

solid solution. In as-quenched and lightly aged polycrystals, no
yield points are observed because the stréin is accomnodated by rapid
dislocation multiplication and interaction due to the grain boundarics.
The consequent high work-hardening rate also assists in masking any
dislocation multiplication within the grains due to dislocation
pinning. Crystals of each 21loy aged for 0.1 day, also show rore
marked yield points at 77°K. (The particularly large yield drop
observed for the 2.2:1 alloy (Fig.L9) may be a spurious result since
there was reason to suspect this particular crystal). Although the
structures present are probébly complex at this stage, the 7:1 alloy

(19)

contains an appreciable amount of S precipitate, so that the
dislocations should be more strongly locked than in the case of the
lightly aged alloys. At the same time, the matrix is morc depleted

of solutes, so that the smaller yield point in the 7:1 alloy (Fig.L3)
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seems to represent an easier dislocation multiplication process

in the matrix, compared with the alloy aged for 0.01 day. In the case
of the 2.2:1 alloy, 0.1 day ageing represents the end of the hardness
platean, just before the rise to the peak, which is associated with

S precipitation. It is probable that the dislocations are decorated
with S precipitates nt this noint, and it is possible that the matrix
contains a maximun number of GPB zones. Thus, pinning is s&rong, and
dislocation multiplication could be more difficult than for lightly
aged crystals. This might account for the very large observed.yield

drop, if it is a real effect associated with this degree of ageing.

In the peak and overaged cnysfals, yield discontinuities are
observed at all tésting temperatures, and their charactcristics appear
to be independent of temperature. VIt is propoged that these
discontinuities are caused by a dislocation multiplication process
as a result of a few dislocations becoming unpinned from their
precipitates. The yield points are small, and show no load drops
because the work-hardening rate is so high in these alloys. (Sce
Figs.h5,L46,51,52). The precipitates are partially coherent, so -
that in order for dislocations to become unpinned, segments rust be
able to expand, locally, between them, e.g. by the Orowan mechanism
(Section 3.4.1.). This has been shown to be insensitive to temperature.
(Section 3.h4.3.). Alternatively, if new dislocation sources operate
at the yield stress, dislocation loops still have to expand betweecn
precipitates, so that the temperature dependence is small, also.

Two other observations are consistent with this model. The yield
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discontinuities decrease with overageing and with increasing % Mg.
In both cases the matrix is more depleted of solute, so that

dislocation multiplication is casier aznd the yield *drop' smaller.

As before, polycrystals show no yield discontinuities; because
the strain is accommodated by grain boundary generated dislocations.
These interact with the precipitates according to the Orowan mechanism,

and the resulting high work-hardening rate masks any discontinuity.

2. The Portevin - Le Chatelier effect.

As-quenched and lightly aged polycrystals tested at room
temperature exhibited serrations along the work-hardening portions
of their stress-strain curves. The values of true stress (O P.L.)
and true strain (€ I’.L) at which serrations started are shown
in Table 5.6,

Table 5.6.

Aloy Ageing True stress True stress
Treatment C p.L. €p.1.

721 As-quenched 7.2 0.005 B
7321 - 0.02 day 1.1 0.01

T2 0.06 day - 1h.9 0.01

721 0.1 day 17.1 0.01
2.,2:1 As-guenched 12.1 0.01

2.2:1 0.015 day ' 16.h 0.02

2.2:1 0.05 day 19.6 B 0.03

2.2:1 0.1 day 21.6 0.05 ;
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For a given ageing treatment the magnitude of the serrations increased

with strain, but decreased as ageing proceeded.

As-quenched and lightly aged single crystals tested at room
temperature also exhibited serrations on their stress-strain curves,
These were very sm2ll in magnitude and only occurred after the maximum

load position.

The Portevin-Le Chatelier effect has been reviewed in Section
3.2.2, and it was seen that dislocation unpinning has been widely
postulated to explain the behaviour of Al-Mg and other alloys. During
deformation, mobile dislocations become pimnned by solute atmospheres
which form as a result of strain-enhanced sclute diffusion. The
increase in applied stress causes uhlocking and subsequent dislocation

motion at a lower stress. The cycle is then repeated.

There is some evidence that the Portevin-Le Chatelier effect
can be explained by a dislocation multiplication process. It has

a(1L0)

been propose that plastic deformation may take place until
dislocations are sufficiently immobilised by tangling to become
locked by solute atmospheres. The applied stress than rises until
localised yielding by dislocation multiplication occurs in another
part of the specimen, causing a load drop. Bailey et al(1h1),
studying the strain rate dependence of the strain at which serrations
start on curves for commercial Al, Al-1% Mg and Al 0.2% Cu alloys have

shown that at low strain rates ( < 107" sec”!) the relationship

is the inverse of that predicted by the Cottrell-locking model.



- 20, -

They claim that an explanation based on dislocation multiplication
can ancount for this. Thomas(ST) has also found thet for fine-grained
M, 5% Mg alloys tested above 0°C the delsy in the strain at whixh

the serrations stert increased with decreasing strain rate and also
with increasing temperature, in the reverse manmer to the predictions
of the Cottrell-locking model. He has accounted for this by a

mechanism based on dislocation creation 2t stress-concentrations

near the spccimen grips. (See Section 3.2.2.)

The important features of the observed Portevin-Le Chatelier
effect in the present »lloys suggest an explanation based on
dislocation multiplication as a result of dislocation pinning by
solute atmospheres. It is proposed that during straining, mobile
dislocations become sufficiently tangled to allow them to become
pinned by solute atmospheres. The stress rises until localisgd
yiclding, by dislocation creation or multiplication, takes place
in other parts of the specimen(1ho). Dislocation pinning only
occurs if the solute diffusion rate is large enough, so that, as
observed, serrations only appear at room temperature, after a finite
strain (Table 5.6) sufficient to produce defects to enhance diffusion;
in the case of single crystals, not until after the maximum load.
Only the solutes rem=ining in solution after zones and precipitates
have formed, control the pimning of these mobile dislocations. This
cxplains why the magnitude of the scrrations decreases as ageing
proceeds. The matrix becomes more depleted in solutes, so that.

either the number of mobile dislocations remsining increases ( and
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so the magnitude of the drop decreases), or the inmobilised

dislocations are only weakly locked.

The size of the serrations is cbserved to increase with strain,
and this is a consequence of more dislocations becoming irmobilised,

so that the humber remaining to produce the yield drop decreases.

In the case of the 7:1 Cu:lg alloys, there is no significant
increase in the strain at which the scrrations first appear (Table 5.6)
after the initial ageing period of 0.01 day. This suggests that the
solute concentratimm in the matrix remains approximately constant.
During the ageing period of 0.01 - 0.1 day there is an increase in
GPB (2), S 2pd Q' in the structure, accommanied by the disappearance
of GPB zones(19). The dissolution of GPB might maintain the solute

concentration at an approximatcly constant level,

The 2.2:1 alloys, aged between 0.015 and 0.1 day show an
increase in the strain at which serrations first appear. (Table 5.6).
In this case, there is only an increase in GPB zones as ageing
proceeds, so that solute depletion of the matrix occurs and pinning
becones weaker. Thus, higher strains are required before the pinning

is sufficient to produce a load drop.

No serrations were observed in either alloy after ageing for
0.1 day. This must be due to further solute depletion in the matrix,
below the level at which locking can occur. It is also possible that

the increasing wcrk-hardening rate assists in masking any small
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serrations. In Al, 3.5% Cu, serrations are cbserved even after
ageing to the veak at 19000. This implies that solute depletion is
(36)

rmach less marked in A1-Cu, and Greetham and Honeycombe suggest
that the matrix is still supersatursted in 41, 4.5% Cu alloys aged to

peak at 1509C.

In single crystals, only as-quenched and lightly aged alloys
(0.01, 0.015 day) thow small serrations after miximum load. These
crystals deform by single slip, and it is not until beyond stage III,
at the maximum load, that sufficient nmumbers of defects have been
generated to enhance the solute diffusion rate to a level where mobile
dislocations can be pinned, In crystals aged for 0.1 dafg only the
2.2:1 alloy showed serrations after the maxinum load. No serrations
were visible on' the curve for the 7:1 crystal which had a higher
work-hardening rate than the 2.2:1 crystal. The 7:1 polycrystals
aged for 0.1 day cnly formed scrration steps on their curves with
difficulty. It is possible that the degree of matrix depletion at ‘
this ageing stage required a level of dislocation generation,in
order to enhance diffusion rates,which only the polycrystals, with
their higher work-hardening rate, could provide. The 2.2:1 alloy
after 0.1 day still contained only GPFB zones, and the nmatrix was

sufficiently saturated to produce dislocation pinning.
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5.3.4 Fracture.
.7, Single crystals.

(a) As-quenched and lightly aged.

Both as-quenched and lightly aged crystals tested at room
temperature show similar fractures (Section 4.2.5.). They have been

(110) (142)

termed ‘crocodile! fractures although Rosi and Abrahams have
described similar fractures in pure metal <100> crystals as
'W-type!. The specimens neck down to large reductions in area and
show traces of slip on two systems near the fracture, with voids in

(11L)

the centre of necked regions. Orowan attributed the void formation

to successive slip on primary and conjugate planes. The initiation
of the central void was not described. Rosi and Abrah;ms(1h2)
attributed the voids to vacancy condensation as a‘result of intense
local multiple glide in the neck. Rogers (discussion to(11o)) believed
that this typc of fracture was the single crystal equivalent to a
doublc cup failurec, and that it was formed, after a central crack

had been initiated, by slipping apart of the planes at the crack

tip,(1hj) Void formation was not necessary for this process and the

fracture surface had a characteristic striated appearance(103).
Unfortunately, replica fractographs of 'crocodile! fractures could

not be obtained, due to the depth of the void.

At low temperatures crystals in corresponding aged conditions
show the coarse shear band type of fracture (Section 3.5.). The
transition between 'crocodile! fracture and coarse shear bhand fracture

corresponds to the dissppesrance of serrations on the load-elongation
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tracesy for example, it was observed that in alloys aged for 0.1 day,

- tested at room temperature, the 2.2:1 crystal which showed serrations,
had a 'crocodile! fracture, whereas the 7:1 crystal, with no serrations,
showed a coarse shear band fracture. The transition between 'crocodile!
nnd coarse shear band fractures with temperature, suggests that
inclusions do not play a major role in the 'crocodile! fracture

(10L)

mechanism and in this respect, Beevers and Honeycombe have
associated very low temperature discontinuous yielding behaviour
with the formation of crack nuclei by avalanches of dislocations,

The transition with decreasing temperature, also suggests that the
tuo types of fracture are closely related. This is further supported
by similarities in the later stages of the load-elongation curves.

At the maximum load position,. the as-quenched and lightly aged alloys
of both compositions, at all temperatures, show a load drop. This

(111)

was observed by Price and Kelly to mark the initiation of the
coarse shear bands which formed on GP-zone hardened A1-Cu, Al-Ag and
Al-7n crystals. It was proposed that these bands resulted from the
thermally activated breakdown of barriers to dislocation glide, which
had formedfduring work-hardening. This mechanism provides an
cxplanation for both the 'crocodile! and coarse shear band fractures
and for the transition betwecn them. The coarse shear band is
initiated; generally on the conjugate slip system(111)g when the
tensile axis reaches or overshoots the [ 100 ] -~ [111 ] boundary.
It is proposed that in the casec of the as-quenched and lightly aged

alloys at room tomperature, mobile dislocations on the conjugate gystom

become immobilised by pinning. The stress rises, until either unpinning
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takes place, assisted by thermal fluctuations, or new dislocations

arc gencrated clscwhere in the specimen, as described in Section 5.3.3.
The resulting dislocation multiplications and repinning occur alternately
on the primary and conjugate planes, due to the already symetrical
deformation pattern giving risc to the Portevin-Le Chatelier effect.

A crack is then readily formed at the interscction of the two glide

(121)

bands , and this provides an explunation for the initiation of the

central void following which the crystal slips apart as described
by Orowan(11h). The serrations on the load-elongation eurves of thesc
alloys always start immediately after the load drop which marks the

initiat’.on of the coarsc shear bands.

Aﬁ low temperatures, the coarse slip band fractures are composed
of relativcly large areas of shear, with small 'crack' regions (Fig.
67(a) and 69(a) ). This corresponds to considerable strain after the
initiation of coorse slip bands, as observed on the losd-clongation
curves, where, after the load drop associated with coarse slip band
formation, regions of constant load extend for several % strain before
decreasing rapidly prior to fracture. The constant load portion
represents localised shear near the coarse slip band, accompanied by
work-hardening. This behaviour contrasts markedly with that observed
by Beevers and Honeycombe(110) on Al, 5.5 wt.? Cu crystals, where the
load~=clongation curves terminated abruptly (in some cases fracture
occurred on a rising curve) and there was negligible necking of the
gpecimen. For this reason, the fracture machanism proposed by

Beevers and Honeycombe is not applicable to Al-Cu-Mg alloys showing
Pp
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coarse slip band fractures, Price and Kelly(111), however, showed

that subsequent to coarse slip band formation and localised shear,
a crack was nucleated at the edge of the shear band region; and

propagated across it,vin inclusion-nucleated voids.

Beevers and Honeycombels criterion of a constant resolved shear
fracture stress is not applicable, since the fracture planes are not
parallel to slip planes. The parameters measured by Price and Kelly,
however, for Al, 3.7 wt.% Cu crystals have also been determined for
the Al-Cu-Mg alloys and arc shown in Table 5.7 They are Togpe Which
is the resolved shear stress at which coarse slip bands form, and
( Tesp " Tfn)’ where T, is the C.R.S.S., which Price and Kelly have
called the work-hardening contribution to the stress for coarse slip
band formation. Price and Kelly postulated that the coarse slip bands
resulted from the thermally activated breakdown of dislocation barriers
formed during work-hardening and that differences in the work-hardening
stresses (T

csB = o ) for coarse slip band formation arose from

differences in the stacking fault energy of the matrix.

Table 5.7 shows that, as ageing proceeds from as-quenched to
0.1 day, the values of T gy - T, decrease (eg. 7:1 crystals at |
295°K, from 6.1 to L.8 kg/ma°). This is consistent with Price and
Kelly!'s model, because as the matrix is being depleted of solute, the
stacking fault energy is increasing and the barrier breakdown stress
is decreasing. Similar trends exist for 7:1 crystals tested at 77°K
and 2,2:1 crystals tested at 295 and 77°K. In the same way, Price and

Kelly observed that at room temperature Tpgpy -~ T4 decreased from
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Table 5.7

Aged Teé;ing O~-- |
Condition Temperature, K
.%:19 Cu:lMg
As quenched 295

4] i 77
0.01 day 295

1 1 ’I 95

" 1 1&8

1 1 77
0.1 day 295

1 ] 77
2.2:1, Cuslg
As quenched 295

" 1 77

{0,015 day 295

1 1 1 95

" n ﬂL'S

n 1} 77
0.1 day 295

1n n 77

TCSB ; TesB =To
kg/mm kg/rm
9,6 6.1
14.6 8.1
11.5 5.5
12.2 5.3
13.9 6.l
15.3 6.9
16,0 .8
17.6 _ I
11.5 6.8
15.3 9.2
12.9 h.2
15.3 5.8
15.3 L.b
19.4 7.1
.1 3.8
19.8 5.9

9.6 kg/mm2 for GP(1)hardened crystals to 7.k kg/mm2 for GP(2)

hardened crystals.

The higher values of Tpgy -~

T, for these Al-Cu

crystals suggests that the stacking fault energies of the matrices

of GP(1) and GP(2) hardened 41, 3.7 wt.% Cu crystals are lower than

those of 7:1 and 2.2:1 Cu:lg crystals aged to contain GPB zones.

This is consistent with the more rapid ageing of the Mg containing

alloys, depleting the matrix to a greater extent than in the 11-Cu

alloys. Since the dislocat ions in these alloys cut through GP zones,
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then the effect of the stacking fault energy of the zone must also

be considered. Hirsch and Kelly(88) have shown that where the size of
the zone is smaller than the width of the extended dislocation in the

matrix, the strengthening effect is small. GPB zones in the Al-Cu-Mg

alloys are smaller than GP(2) zones in A1-Cu, and this could also

contribute to the smaller temperature dependence of T - T

CSB o’

compared with Al-Cu.

Price and Kelly suggested that the temperature dependence of
2 barrier breakdown mechanism should be approximately equal to 2,
between 77°K and 295°K and obtained values between 1.5 and 2.5 for

A1-Cu, Al-Zn and Al-%g containing GP zones, From table 5.7., values

(&}

o
of (gsg = To) 77K

Cese - " o) 2950
the exception of the 7:1 alloy aged for 0.1 day, where the ratio is

are found to vary between 1.3 and 1.7 with

approximately 1. In this alloy, matrix depletion is greatest as

shown by the absence of a Pertevin-Le Chatelier effect. (Section 5.3.3.)

(b) Peak aged 2lloys.

Peak aged T:1 crystals showed considerable necking and axtensive
coarse slip band development on one system near the fracture region.
The load-clongation curves showed gradually decreasing loads extending
over several % strain, bcyond the maximum load and prior to fracture.
Two or more slip line systems werc observed on the specimen but the
fractures took place across the narrowest part of the coarse slip
band region. No abrupt load drop ﬁarking the coarse slip band

initiation, was obsarved in these crystals.
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The 2.231 crystals showed very much less necking, and narrower
coarse slip bands, althoush the load-elongation curves decreased
pradually for several % strain after the maximum load in much the same
way as the 7:1 crystals. This implies that during coarse slip band
formation, deformation was concentrated on fewer slip planes. The
final failure occurred parallel to the slip plancs comprising the
coarse shear band, and appeared to be similar to the planar fractures
observed by Beevers and Honeycombe. Similar fractures have also been

Loy 4

found in overaged Cu-Be crystals containing Y' precipitates n
the other hand, Al, 3.7 wt.% Cu crystals aged to contain ' and Al-Ag
crystals containing ¥' precipitates did not fracture by coarse slip
band formation. Instead; the crystals showed considerable necking and
fractured at approximately 45° to the tensile axis in a similar manner

(37,

to polycrystals a few short wavy slip lines being visible near

the fracture.

Peak amed structurcs in the 7:1 and 2.2:1 Cu:Mg crystals consist
of GPB(2), S, ©' and GPB, S respectively(19). Tt is proposed that
during the initial stages of plastic deformation, dislocations are able
to cut through only the GPB or GPB(2) zones. The rapid work-hardening
is therefore caused by bowing out of dislocations between the S and O!
precipitates by the Orowan‘mechanism, leaving dislocation loops around
them which may cross slip and act as dislocation sources, as described
in S.h.h; After a certain amount of strain, the number of loops increase
until the shear stresses acting on the precipvitates reach a value where

the dislocations are able to cut through the S precipitates. This



- 214 -

corresponds to a decrease in the work-hardening rate (eg. in Fig.L8,
after 2-3% strain). In the case of the 7:1 alloys, the stress is
then transferrcd to the ©' precipitates, so that further extensive
slip takes place on other parallel planes. After many planes have
slipped and a wide coarse shear band has formed, fracture occurs by

crack initiation at the edge of the band, which propagates by

inclusion-nucleated voids across the band, as envisaged for the zone
hardaned aIlqys(111). In the case of the 2.2:1 alloys, a similar
deformation mechanism is proposed; except that once the S precipitates
have sheared, there are no 8! precipitates on which the stress is
transferred, so that slip continues on the same planes, forming a
narrow coarse shear band. Fracture occurs as before. The fracture
surface (Fig.70(c) ) shous very elongated cusps, indicative of void
coalescence producing shear rupture or tearing, as described by
Beachem(1hh). fhe formation of cracks by dislocation pile-ups(11o)
is not thought to be likely in the 2.2:1 alloys, despite the planar
fractures and the absence of very marked necking, because the load-

elonpgation curves show an extensive and gradual load decrease after

maximum load and before fracture.

(c) Overaged alloys.

These show simil.r deformation behaviour to the peak aged alloys.
The high initial work-hardening is caused by rapid dislocation
multiplication by loops being left around the precipitates. The
work-hardening rate decrcases after only a few % strain, and the

load reaches a maximum, thereafter decreasing gradually prior to
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fracture. The types of fracture appear to be very dependent on

the initial orientations of the crystals; which tended to be towards
the [100 ] or [110] corners, or ncar the [100] - [111]
boundary in these alloys. Those oriented near <100 > showed deuble
cup fracturcs, illustrated in Fiss. 67(d) and 69(d), as a result of
the largce number of simultaneously operating slip systems, (up to 8,
for a perfectly oriented <100 > crystal). This, together with

the multiple slip induced by the presence of the precipitate particles,
produces an axially symmetrical deformation. The crystals oriented
near the [100 ] - [ 111 ] boundary show two equally developed,
intersecting coarse slip bands, (eg. Iig.66(d) ) and the remaining

crystals show single coarse slip bands, similar to the 7:1 peak-aged

crystals, consisting of many operative slip plances, Overaged 7:1
alloys should contain GPB(2), ©' and S and 2.2:1 alloys only S
precipitates(19). Both the 6' and S precipitates are coarser and
more widely spaced than in the peak aged condition(zh’115). It is
propcsed that the deformation and fracture mechanisms are the same

as those described for the peak aged crystals, except that the larger
size and spacing of the precipitates results in lower yield stresses

and consequently lower stresses at which the S precinitates are

sheared, because there are fewer of them.

Very recently, Jones and Kelly' '0)

have found that Y precipitates
in overaged Cu- 1.5% Be crystals, which initially do not deform, are
sheared after a small strain. Their evidence rests mainly on the

observation of a delayed lattice rotation, indicative of single slip
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taking place after a period of initial strain when there was no
robation. At T7°K, the onset of lattice rotation occurred at a
higher strain than at 295%K. Several slip line traces were observed,

and the fractures were planar, confirming Price and Kelly's observations

(10)

.2, Polycrystalline alloys.

As described in 4.1.6.2., as-quenched and lightly aged alloys
showed L5° shear-type fractures. Such fractures have been observed
primarily in sheet specimens where it has been postulated that no
active zone of triaxiality exists(1h5). Howecver, tests on round
specimens of quenched or lightly aged Al-Cu alloys(1o7) and Al-Zn-lg-Cu
alloys(1h6) have also shown shear type fractures. No detailed
mechanism for their formation has been given, but they have been
asgociated in some cases with serrated load-elongation curves(1h6).
In the present investigation, 7:1 Cu;Mg alloys, tested at room
temperature, showed scrrated load-elongation curves and shear type
fractures when aged up to 0.1 day. Shear fractures are not
exclusively associated with serrated curves, however, because as-
quenched and lightly aged, (up to 0.02 day) 7:1 alloys also showed
shear fractures at 77°KJ where there are no serrations. In the same
way, the 2.2:1 alloys, as-quenched or lightly aged, when tested at
room temperature showed serrations up to 0.1 day, but shear fractures
only up to 0.015 day. At low temperatures, no shear fractures (or

serrations) are observed even in as-quenched alloys.
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Ryder and Vian''®) pave observed heavy slip bands, associated
with serrations; at approximately 145° to the tensile axis, in
comnmercial Al-Zn-Mg-Cu alloys. This material had a fibre or banded
structure, which became kinked or reoriented, away from the tensile
axis in the heavy slip regions. Fracture occurred parallel to the
slip bands by void growth, the voids being initiated as a result of
higher stress ooncentrations from the recriented cavities and

inclusions comprising the fibre structure.

No similar heavy slip bands were observed in the Al-Cu-Mg alloys,
showing shear fractures, but within each grain, prominent slip lines
were observed parallel to the fracture surface. These are seen
clearly in Fig.36(b), and appear to be the dominant slin directions
in each grain, the other slip systems maintaining boundary continuity

between the grains, which have undergone considerable rotation.

It is proposed that each serration on the load-elongation curve
is associated with the propagation of slip across the specimen as
a result of a sudden release or generation and multiplication of
dislocations, due to strain ageing, as described in Section 5.3.3.
Bach multiplication produces slip bands in several grains and the
propagation into adjacent grains results partly from the stress
concentration of piled up dislocations at the head of the slip bands
and partly from the applied stress, tending to produce slip along
the direction of maximum shear stress, i.e. at 15° to the axis.

The process is similar to that occurring in the single crystals af
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as-quenched and lightly aged alloys with V-shaped or coarse slip
band fractures. In polycrystals, the slip bands in each grain are
predominant on pianes closest to the direction of the maxfimum applied
shear stress, aided by the fact that the grains in the neck have
rotated to similar orientations due to the large strains. Fracture
may then take place by the propagation of a ductile crack, probably

(107)

starting at a stress concontration at the surface and proceeding
via incluslon-nucleated volds within the heavy slip bands of each

grain,

Where shear fractures are observed in the absence of serrations,
ie. in 7:1 alloys, tested at 77°K, it is proposed that the fracturc
mechanism is modified in the following way. Since there is no rapid

dislocation multiplication due to strain ageing, the directions of

the slip bands in each grain result primarily from boundary

continuity considerations, but are still influenced by the direction
of the maximum applied shear stress. This reguires greater clongations
(Sec Tigs.Lh and 5) to concentrate strain within the slip bands lying
approximately at 45° to the axis, thus producing a shear band across
the whole specimen, and fracture as before. In Section L.1.6. it was
seen that fractures observed in specimens aged for longer times showed
increasing amounts of intercrystalline failure. This corresponded

to the approximately constant true fracture stress in alloys tested

at 77°K, and to a linear decrease,with ageing time, of the true
fracture stress at 295%K, (c.f. Figs. 29, 30). Furthermore, ductile

cusp patterns were always observed on fractographs,(Figs.38,39,40).
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The existence of these ductile features in an apparently inter-
crystalline fracture provides strong evidence for the existence of

a precipitate-free boundary region in all these alloys, along which
fracture takes place preferentially. Similar fracture characteristics

(107)

have been observed in Aly, 4% Cu alloys , where the existence of

a precipitate-free zone has been well documented(B’ ?1).

In aged 2.2:1 alloys, Sen(115) has found narrow (< 14 width)
precipitate-free regions in thin foils, which are believed to arise
because the boundaries act as sinks for vacancies, g0 that after
quenching there is a deficiency of loops in their vicinity and hence
no S(which is dislocation nucleated,). GPB, however, is nucleated
homogeneously and forms readily in this region, where the solutc
concentration is unchanged. Ultimately, S precipitates grow into
the region from those nucleated on loeps just outside. There is
also grain-boundary nucleated S which is not lath shaped. This has

(2h)

been observed also by Vauzhan in alloys aged for as little as
0.1 day. 1In acpordance with this, the metallographic observations
of 2.2:1 alloys show evidence of precipitate~free boundary zones in
specinens aged for more than 0.25 day. Thus in Fig.37, aged alloys
show denuded zones, approximately 1 - 24 wide (Fig.37(a) ). This

is wider than the zones observed in thin foils, possibly as a result

of the slower guenching rate in the tensile specimens.

In specimens aged for less than 0.25 day, Sen's observations
show that there is always a zone near the boundary which is denuded

of vaoancies and also, therefore, of dislocation loops. This zone
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is expected to be weaker than the interior of the grains, and suggests
a reason why cven 2.2:1 as-quenched alloys show an intercrystalline
fracturc when tested at 77°K. As-quenched alloys still retain a
large number of vacancies in solution, (sincc the loop density is
found to increase on ageing) and the strengthening effect of these is
strongly temperature dependent. At room temperature, thermal
fluctuations assist moving dislocations to overcome the pinning effect
of vacancies, which are probably condensing to form loops during the
tensile test. At 770K, the vacancies strengthen the matrix and
deformation tends to be easier in the vacancy~-free regiomns necar the
boundaries. These regions work-harden more rapidly and it is likely
that dislocation pile-up nucleation of cracks or voids, as envisaged

by Beevers and Honeycombe(110)

takes place, sinse there is very little
necking, and fracture occurs almost immediztely after the maximum
load. Fracture occurs most likely by the joining up of dislocation
pile-up cracks by shear rupture sometimes across the corner of the
grain. Boundary separations behind the fracture are observed (Frigs.
36(c) and 36(a) ), but the fracture path is partly transcrystalline
and the whole fracture surface shous ductile cusps. (Fig. LO(a) and

LO(b) ). The % clongation at 77°K is less than that at 295°K (Figs.

7 and 8) in accordance with this picture.

The 7:1 alloy is also expected to have precipitate-free zones
near the boundaries, although these will be different from the 2.2:1
alloy. Vacancy depletion within the zones will prevent the

nucleation of S precipitates, but 6' may form preferentially in
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these regions, because it has a smaller atomic volume than the matrix,

so that nucleation and growth requires the emission of vacancies(e).
Thus most vacancy-free zones will be denuded of S and may contain

an excess of 8'. In alloys aged beyond 0.05 day, when the structure
consists of GPB(2), S, and ©', some boundary zones could be as

strong as the grain interiors and others could be weaker. This would
explain why in all alloys aged for more than 0.06 day, the fractures
are approximately 50% intercrystalline and 50% transcrystalline, but
the fracture surfaces are entirely ductile (Fig.38). The observation
that several boundaries normal to the fracture surface have separated
(e.5. Fig.35(b) ), supvorts the idea that some boundaries are

weaker than others. In this case the stress across the boundaries

probably resulted from relaxation in the neck due to fracture.

In the 2.2:1dloy, it was observed that fractures aftcr 10 days
ageing werc entircly intercrystalline, and this is alsc in accordance
with the precipitate-free zone model. After 10 days, S precipitates
have grown into the vacancy-free region, but their density is probably
5till less than in the grain interiors. Strain may therefore be
concentrated in a very narrow region between the boundary precipitate
and the S laths growing towards the boundary. The S leths will rarely
meet the boundary precipitates which will have removed solutes from

thelr immediate vicinities.

The values of the true fracture stresses of peak aged and overaged

polycrystals and single crystals, in Table 5.8 are in accordance with

these ideas.
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Table 5.3

Aged condition Testing True Fracture Stress, t.s.i.
Temperature

Single crystals Polycrystals

7:1 Cu:Mg

0.5 day 295°K 56 23
77°K 32 3h
10 days 295°K 38 23
77°k 26 32
2.2:1 Cu:lig
0.4 day | 295%K 21 | 27
77°K 36 32
10 days 295°K 17 22
77°K * 29

# Double~-cup fracture, <100> crystal.

In general; the polycrystal fracture stresses are approximately
equal to those of the corresponding single crystals. If the true
surface areas of the polycrystal fractures were taken into account,
the polycrystal values would be smaller than those shown. This is
consistent with fracture occurring preferentially in boundary denuded
zones, which are weaker than the grain interiors. The difference in
strengths between the zones and grain interiors is not very large,
since 7:1 alloys and some of the 2.2:1 alloys show transcrystalline
failures. This suggests that shearing of the precipitates, as proposed

for the later stages of single crystal deformation also takes place
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in those polycrystalline alloys showing partly transcrystalline
fractures. This view is supported by the decrease in the work-
hardening rates of these alloys after several % strain, in the same

way as the single crystals (see Fig.T7h).

5.3.5. The temperature dependence of mechanical properties

.1. Yiecld stress

The difficulty in detormining the stress at which plastic
deformation starts has been emphasised in Section 3.2.5. Consequently
the temperature dependence of the measured stress for plastic flow,
particularly in the case of pclycrystals, will also reflect the.
temperature dependence of the very high work-hardening rate. This
is difficult to predict. On polycrystal curves there is a transience
from elastic to plastic deformation, which corresponds to the
progression of slip from one or two slip systems in a few crystals
to many slip systems in all the crystals. It is in this region that
initial flow stress measurements are made. The temperature
dependence of work-hardening in this region may be small (since it
corresponds to stage 1 or stage 2 hardening), but is probably
influenced by the type of deformation taking place after the transience.
In the case of polycrystalline Al and Al solid solutions, there is
a period of linear hardening(121) (e.g. Figs. 11 and 13) which
corresponds to stage 2 deformation in single crystals. At room
temperature, the polycrystal curve consists entirely of stage 3,

whereas single crystals still show stage 2 regions on their curves(1212
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Thus, the temperature dependence of the measured flow stress of

polycrystals is probably higher than that of the C.R.S5.5. of single

crystals,

Table 5.9 shows the ratios of C.R.S.5. between 295°K and 77°K,

;%i;;Btogether with the ratios of the proportional limits for

' Oy 77
corresponding polycrystals,z?gjgj;’.
Table 5.9
- T 77 Co 77
Teoatnent TS Co 295
7:1 Cu:lig
As quenched 1.9 1.37
0.01 day 1.L45 1.6
0.1 day 1.16 1.35
0.5 day 1.1 1.2l
10 days 1.1 1.25
2.2:1 Cu:lig
As quenched 1.3 (N
0.015 day 1.l 1.45
0.1 day 1.3 1.145
0.4 day 1.3 1.22
10 days 1.16 1.21

The increase in shear modulus is approximately 9%

(28) and the

increase in Young's modulus approximately 12%(5h) over this

temperature range.

Thus, as-quenched and lightly aged alloys show
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temperature dependences larger than the changes in elastic constants;
polycrystals generally having larger temperature dependences than
single crystals. In the case of pure A1, the temperature dependence
is believed to arise from short range interactions between glide
dislocations and forest dislocations, resulting in jog production.
Thesc also take place in solid solutions and GP zone-hardened alloys,
but the magnitude of this depends on the stacking fault energy of the
matrix. In addition, short range interactions between glide
dislocations and GP zones and solute clusters contribute to the

temperature dependence in aged slloys.

The 7:1 crystals aged for 0.1 day and beyond andé the 2.2:1
crystals aged beyond the peak have temperature dependences very
similar to the change in shear modulus, in agreement with the Orowan
model for yielding. The peak aged 2.2:1 crystals show a larger
temperature dependence, similar to that of the as-quenched and lightly
aged crystals. It has been proposed, (Section 5.1.2.) that this is |
because of the heterogeneous structure of this alloy, whereby slip
takes place initially in the volumes of material containing only
GPB zones. The polycrystals of both compositions have temperaturc
dependences equal to twice the change in Young's modulus, which sugges.s
that igitial yielding is probably ocssociated with dislocation movement

in boundary precipitate-free zones.

.2. Work hardening.
The work~-hardening rates have been measured at 2-3% strain

(or in Stage 2 for single crystals showing easy glide) as described
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in 4.1.4.1. The results are shown in Sections L.1.L.2. and L.2.L.

and Figs. 20, 21, 2L, 63 and Ol.

The as-quenched and lightly aged materials show no temperature
dependence of the work-hardening rate, although the magnitude for
polycrystals is 5-6 times greater than that of the single crystals.
This follows directly from a consideration of hardening in nure Ail.
During Stage 2, single crystals with orientations near the centre of
the stereographic triangle deform only on the primary and conjugate
systems, and have hardening rates which are approximately 1/6 those
of crystals of corner orientations(121). No temperature dependence
of Stage 2 hardening is observed for pure Al. Alloys aged for
approximately 0.1 day show an apparent negative temperature dependence
in both single and polycrystal form. This is most probably due to

strain-induced precipitation during the tensile test.

Peak-aged 2.2:1 crystals also show an apparent negative
temperature dependence and this might be due to strain-induced
precipitation, or due to the small number of crystals tested. The
corresponding polycrystals show no temperature dependence (Fig.2l.)
This behaviour is different from that of peak and overaged Al-Cu
(Fig.2k) and 7:1 (Figs.20, 63) alloys and overaged 2.2:1 alloys and
indicates that work-hardening in peak aged 2.2:1 material probably
takes place by dislocations continuing to move preferentially in the
regions free from S precipitates and containing only GPB zones.

The low work-hardening rates observed in peak aged 2.2:1 crystals

(Fig.6L) support this view.
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Peak and overaged Al-Cu and 7:1 alloys and overaged 2.2:1 alloys
show a marked temperature dependence of work-hardening rate. This is
consistent with the deformation mechanism described in Section 3.L.lL.;
whereby, during work-hardening in alloys containing precipitates,
cross-slip was proposed to occur readily, resulting in prismatic
loops being left around the precipitates. Thus the mechanisms of
work-hardening appear to be similar with regard to their temperature
dependence in the single crystals and polycrystals, although the
magnitudes. of the work-hardening rates are different. A comparison
of Tables 4.7 and L.16. shows that the single crystals work harden
at a higher rate than the polycrystals. This suggests that in the
polycrystals slip is taking place within the precipitate-free zone,
with cross-slip of dislocations, as in Stage 3, giving rise to the
temperature dependence. However, the shortage of precipitates within
the zone means that work-hardening is not so marked aé if the
precipitate density was as high as in the grain interior, i.c. as it

is in the single crystal.

5.3.6. The grain size dependence.

The Hall-Petch relationship, viz.,

Nt

OLY‘P = oi+ kyd'

where o 1YP

fl

lower yield stress
0i’ Ey are constants

d = mean grain diameter

which was discovered empirically, has also been derived theoretically
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from a consideration of the propagation of slip from one grain to
another (see Tega.rt“m)). ] N is identified with the stress required
to propagote slip within the initial grain, and ky is associated

with the creation of dislocations at the grain boundary, or the
unpinning of dislocations in the adjiacent gr~in, when a slip band is
blocked by a boundary. The operative process mey be determined from
the temperature dependence of ky' Since the barrier effect is general

at all strains, the Hall-Petch relationship has becn generalised(m'?).

1
= L] ] -2
O¢ o o + k' d

where 0s = flow stress at strain &

o 'O » k' are new constants dependent
on strain

d = mean grain diameter
o', has been shown to be equal to M T o? where H = Taylor's
orientation factor, and =T o is the C.R.5.S. for a free single crystal.
k' has been shoun to be small in f.c.c. materials, where there is no
dislocation locking, but may change with strain, depending on whether
dislocation locking is altered, whether strain hardening alters the
stress required to operate a dislocation source, whether obstacles
are formed which prevent slip band penetration to grain boundaries,
whether the slip band width changes, or whether the strazin hordening
change in O o' has 2 grain size dependence. The interpretation of
changes in k' with strain may sometimes indicate physical changes in

the material,

Fig.26 shows that for as-quenched 7:1 Cu:Mg atloys, there is
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little or no grain size dependence of the 0.1% BS., but there is a

small dependence of tensile strength. This is illustrated by the
divergence of the true stress - true strain curves in Fig.25 and the
grain-size dependence of the work-hardening rate in Fig.28, suggesting
that dislocation pinning becomes stronger with increasing strain. This
view is in accordonce with the observations on serrations in this

alloy (Section 5.3.3.), which first appear after 0.5% strain(Table 5.6),

and increasc in size o8 straining proceeds.

Fig.75 shows Petch plots for the grain size dependence of the
initial flow stresses of pure il, Al 3.5% Mg and the as-quenched 7:1
Cu:Mg 21lloy. The k' values for pure A1 (0.5% proof stress) and the
7:1 alloy (0.1% proof stress) are similar and small in magnitude
(2pproximately 0.2l kg/mm3/2). The larger k' value (0.86 kg/mm3/2)
for the Al-Mg alloy lower yield stress, is in accordance with
observations of yield points in this alloy(h5951). After several
% strain, however, the Petch plot for pure Al shows a2 decrease in k',
whereas the k' values for Al-lig alloy after approximately 6% strain,
(from Thomas(51)), and the 7:1 alloy after 10% strain have increased
to 1.3 and 1.6 respectively. (The increase for 4l-Mg is also indicated
from the results of Phillips et al(MS)). This is consistent with an
explanation based on increased effectiveness of dislocation pinning

after straining.

The grain size dependence of % clonzation, in Fig.27, is not

reflected in the limits of uniform strain in Fig.25, and suggests
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thet most of the grain size effect occurs after necking. In the

case of as-quenched alloys, the fine grain size material deforms

more homogeneously, whereas coarse grained specimens need to develop
slip bands along the direction of maximum shear stress in fewer grains
across the section before fracture occurs. In the case of aged 2lloys,
the fracture mechanism proposed in Section SQB.M., of dislocation
pile-up nucleated voids forming in the precipitate-free zones, is
expected to be grain size dependent. Smaller grain sizes; with more
boundary area, require greater strains to produce the necessary void
density in the precipitate-free zones for the propagation of ductile

cracks.

Some support to the ider of dislocation pile-up nucleated voids
in the aged alloys is provided by the grain size dependence of the

true fracture stress. Volues are shown in Tnble 5.10.

A large k' value has been interpreted by Beevers and Honeycombe
(122) as evidence for a dislocation pile up mechanism for fracture.
They obtained k' = 7.3 kg/m/2 for fully aged A1, S.b wt.% Cu
alloys. The k' value for peak-aged 7:1 CusMg alloy is scon to be
highor thon this, although the true fracture stresses at 77°K and
295K are similar to the Al, 5.4 wt,% Cu alloy; in each case,
between 30 and LO t.s,i, (Fig,29 and ref.122). This might be due
to grain boundary precipitates as a result of the low solution
treatment temperature used for the 7:1 alloy (Section 2.3.3.), or -

might indicate that the strain in the precipitate-free zones of the

731 alloy is greater than that in the Al-Cu alloy, just prior to
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Iable 5.10
Aged True fracture d_21 k!
Condition stress, kg/mxn2 mm 2 kg/mmB/ 2
0.3 day 84.0 1495
87.1 2.13 14,3
96.5 2.‘{-
105 3.16
1 day 39.7 1495
45,0 2.13 16.5
48.5 2.4
3.16
10 days 3645 1.95
37.0 2.13 3.6
3841 2.4
40,1 3,16

[,
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fracture. This might‘occur if the precipitate-free zones in the

7:1 alloy were narrower than those in Al-Cu. No firm conclusions,

however, may be draun.

5.3.7. Summary of single crystal and polycrystal deformation.

.1. Ag-quenched and lightly aged alloys.

The major difference in yield behaviour betweon single crystals
and polycrystals is the occurrence of dislocation multiplication
yield points in the single crystals. These are belicved to be a
consequence of dislocation pinning, and a low Stage 1 work-hardening
rate. No yield discontinuities are observed in polycrystals, and it
is proposed that dislocation creation at boundaries at the start of the
deformation produces multiple slip within the vacancy-depleted zones
near the boundaries. This occurs regardless of dislocation pinning
within the grains. Support for this view is found in the grain size
Gependence of the 0,1% proof stress for as-quenched 7:1 alloys tested
at room temperature, where k' is very low, approximately equal to
that of pure Al, and less than that of Al-HMg alloys. Furthermore,
the higher temperature dependence of the yield stress for polycrystals
compared with single crystals, suggests that the yield mechanisms are
slightly different in each case. The aggregate analysis results also
tend to support these ideas, since the polycrystal yield stresses are
smaller than the Taylor aggregate yield stresses, which is consistent
with dislocation creation at boundaries being easier than dislocation

unpinning or creation within individual crystals.
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After yielding, the deformation of the single crystals is
similar to that of pure Al. Since the orientations are near the
centre of the stereographic triangle, the derived aggregate curves
have a lower slope than the corresponding polycrystal curves. The
work-hardening rate is independent of temperature, as expected during
stage 2 deformztion. The polycrystals also deform like pure Al; the
work-hardening rates are independent of temperature, but higher
than those in single crystals, suggesting that linear hardening, such
as occurs in <100> or < 111> single crystals during stage 2,
is taking place. Deformation is probably by the formation of slip
bands across grains, from dislocation sources at stress concentrations

in the boundaries; e.g. at triple points.

After several % deformation at room temperature, strain ageing
serrations appeared on the load-elongation curves. It is postulated
that the effect results from dislocotion immobilisation by tangling and
subsequent solute pinning, enforcing dislocation multiplication
elsewhere. The temperature and composition dependence of the
Portevin-Le Chatelier effect, and the delay in its occurrence in
single crystals are in good agreeament with this model. The grain
size dependence results support the view that pinning occurs after
straining, since k' increases with strain, in the same way as Al-lg,

whercas for pure Al, k' decreases with strain.

In both single crystals and polycrystals, the Portevin-Le Chatelier
effect influences the fracture mode. In the former case, dislocation

avalanches along primary and conjugate slip planes as a result of
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strain-ageing produce crocodile fractures, instead of the more usual
coarse slip bands. In the case of polycrystals, dislocation avalanches
as a result of strain ageing occur preferentially in slip bands

aligned nearest to the maximum shear stress direction, so producing

15° shear fractures.

.2, Peak and overaged:

The major difference between the vielding characteristics in
single crystals and polycrystals is the discontinuity observed in
the single crystals. Dislocation multiplication, as a result of few
mobile dislocations being present at the start of plastic flow, due
to solute pinning, is‘proposed to account for this. No yield drop is
observed because @f the work-hardening rate in the material is high.
Polycrystals show no yield discontinuities, and it is proposed that
igrain boundary generated dislocations move within the precipitate-
depleted zone at the start of deformation. This is supported by the
temperature dependence results, which show a greater dependence for
the polycrystals than for the single crystals. The single crystal
temperature dependence is simiiar to that of the elastic constants,
which is in accordance with the Orowan theory for yielding in these
alloys. The results of the Taylor aggregate analysis,which show that
the aggregate yield stresses are much higher than those of the
polycrystals, do not contradict the view that deformation takes place
preferentially in the precipitate-free zones. However, there is some
evidence for correlation between the polycrystal yield stress and the

elastically-corrected aggregate yield stress.
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After yielding, the.precipitate—free zones play a major part
in the subsequent deformation of the polycrystals. It is thought
that these zones work-harden rapidly, so that deformation soon takes
place simultaneously within the zones and within the grains. The
dislocation interactions with the precipitates within the grains are
then the same for single crystals and polycrystals. This view is
supported by the cbservation that the true stress - true strain curves
are almost parallel for single and polycrystals, whereas the aggregate
and polycrystal curves are very different. It is also supported by
the similar temperature dependences of the work-hardening rates of
single and polycrystals of overaged alloys. The magnitude of this
temperature dependence is relatively large,and being similar for single
and polycrystals, agrees with the work-hardening model of dislocations
cross-slipping around precipitates and forming prismatic loops which
act as dislocation sources. The slight displacemecnt of the polycrystal
true stress - true strain curves from those of the single crystals,
together with the slightly higher initi2l work-hardening rate of the
single crystals, suggests that the precipitate-free boundary zone is

also deforming simultaneously with the grain interiors.

Brratic results for the tempera’ure dependence of the work-
hardéning rate of peak-aged single crystals arise partly from the
heterogencous structure of thesematerials and partly from the extreme
orientations of some of the crystals used., The small temperature
dependence of peak aged polycrystals is probably because of the wider

Precipitate-freec zones, within which linear hardening (like stage 2
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of extreme orientations of single crystals) takes place.

The precipitate-free zones markedly influence the fracture

characteristics. True fracture stresses for single crystals are
gencrally higher than those of polycrystals, suggesting that the
precipitate-free zones are wealker than the grains. HMetallographic
observations confirm that the majority of fractures occur within the
zones. The absence of necking, particularly at low temperatures,
suggests that dislocation pile-up nucleated voids sre responsible
for the ductile fracture mechanism. Single crystals still show
coarse shear band fractures, the bands being wider in 7:1 crystals,

suggesting that S precipitates might be sheared at higher strains.
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6. GENERAL CONCLUSIONS

1. The changes in mechanical properties of 7:1 and 2.2:1, Cu:Mg
alloys, aged at 19OOC, have been found to follow the established

(18)

changes in hardness .

2, The strengthening effect of Mg in the Al-Cu-Mg supersaturated
solid solution alloys is less than would be produced if the Mg were
replaced by an equivalent atomic percentage of Cu. This is explained
on the basis of the relatively small lattice strain associated with
Mg-Cu atom pairs or Mg-vacancy pairs, The relatively high vacancy and
dislocation loop density caused by the presence of Mg, gives some
strengthening and the overall effect of llg is therefore greater than

expected purely from lattice strain considerations.

3¢ In 7:1 and 2.2:1, Cu:Mg alloys aged for short times to contain
GPB zones, dislocations cut through the zones from the start of
deformation, This is shown by :-

(a) the low work-hardening rates of single crystals;

(b) the reasonable agreement between the measured critical resolved
shear stresses and the strengths calculated from the resistance
encountered by dislocations cutting through the szones;

(¢) the temperature dependence of the C.R.S.S. being consistent
with the theory of thermally activated cutting of obstacles

by dislocations,

4. In peak aged and overaged alloys, containing intermediate or

equilibrium precipitates, dislocations do not initially cut through
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the precipitates. This is shown by :-
(a) the rapid initial work hardening rates of the single crystals;
(b) the reasonable agreement between the measured critical
resolved shear stresses and the Orowan strengthening calculated
for dislocations bowing between precipitates;
(c) the temperature dependence of the critical resolved shear stress
being approximately equal to that of the elastic modulus as

predicted by the Orowan model.

5. The heterogeneous structure of peak-aged 2.2:1, Cu:Mg alloys
enables dislocations to move through regions in the material which
contain no precipitates but only GPB zones. As a result, the
deformation characteristics differ from those of peak-aged Al-Cu and
7:1, Cu:Mg alloys, in single crystal form, in the following ways :-

(2) the work hardening rate is lower;
(b) the temperature dependence of the criticel resolved shear
stress is larger than that of the elastic modulus, and is

similar to that of as-guenched or lightly-aged crystals.

6. In both 7:1 and 2.2:1, Cu:Mg alloys, weak pinning of dislocations
by Mg atoms takes place. This produces yield drops on the stress-strain
curves of as-quenched and lightly aged crystals tested at low temperatures,
and a Portevin~Le Chatelier effect on the stress-strain curves of as-
quenched and lightly aged single crystals and polycrystals at room
temperature. The grain size dependence of the flow stress of as-quenched
7:1 alloys is shown to be consistent with a dislocation pinning model.

The yield drops and strain-ageing serrations are explained by dislocation
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multiplication processes.

7. The fracture of single crystals having 'soft' orientations, at all
stages of ageing, occurs by localised shear on slip planes. In the

case of as-quenched and lightly aged crystals a fall in load marks the
initiation of the localised shear band and this occurs at a shear stress
which is temperaturc and composition denendent. The large strain
subsequent to this and prior to fracture, together with the fracture
appearance, are inconsistent with a ductile failure model based on the
coalescence of dislocation-nucleated voids.

Peak and overaged crystals deform and fracture in a similar manner,

but the planar fracturcs and the differences in the widths of the shear
bands for 7:1 and 2.,2:1 alloys are interpreted as evidence for

dislocations shearing the S precipitates after several per cent strain,.

8. The deformation of well-aged polycrystals is strongly influenced
by the presence of grain boundary precipitate-free zones. Initially,
dislocations move preferentialiy in these zones, so that the observed
temperature dependence of the ihitial flow stress for polycrystals is
higher than that of single crystals, where it is governed only by the
change in elastic modulus. Also, the work hardening ratc; being
governed by dislocation interactions within the zones, is lower in
overaged polycrystals than in single crystals., As a result of non-
uniform straining, the instability points on the stress-strain curves
occur after smaller strains than those predicted from the Ludwik or

Swift relationships.
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9. The fractures of well-aged polycrystals are governed by the presence
of grain boundary precipitate-free zones., In appearance, the fractures
are intercrystalline, but fractographs indicate that they are also
ductile. Over the ageing period when these fractures occur, the true
fracture stresses at Low temperature arc approximately constant. This
is consistent with an explanation based on a ductile failure mechanism
in the precipitate-free zones as a result of disloceation-nucleated voids
being formed there. The following features provide additional evidence
for this :-

(a) the grain size dependence of the true fracture stress for aged
7:1, Cu:Mg alloys;
(b) observations of fractures oceurring on rising stress-strain

CUIvVeS,

10. The comparison between single crystal and polycrystal stress-strain
curves using the Taylor aggregate theory is not successful for aged
Al-Cu-Mg alloys. A correction for elasticity produces approximate
agreement between polycrystal and aggregate curves at the start of
plastic deformation. For well aged alloys, the aggregate curves after
the yield are nuch steeper'than the polycrystal curves, The rapid work
hardening of the polycrystals is reduced by the effect of deformation
occurring preferentially in the precipitate-~free zones. This explanation
accounts fér the similarity bebtween the true stress - true strain cﬁrves

for single crystals and polycrystals,
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The True Stress Strain Curve in Simple Tension

True stress, o =

£
Ay

where

For uniform strain, the volume change

P = load

.A' =

i Instantaneous cross

sectional area.

during tensile testing is

negligible, so that,
-A.o lo = Ai li
where A, = Original cross-sectional area
1, = Original gauge length
13 = Instantaneous gauge length
. _— P 1i
e o = Ao "]‘.F
T =0 (1+¢) 1,
where € = Nominal strain
o = Nominal stress
1. .
- i
True (logarithmic) strain T = f &
1, 1
—— 1.
€ = 1n 2
1o
T = 1n ( 14+ €) 2.
Since 0 = fga
i
P = A
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Difﬂ?entiating,

.1
T = L(Tis35 -9 Tre)2

At the maximum load, (instability point)

E‘E = Oa
. 1 a0 - 1 )
a Y AO ( 1 +8 . d.S hend O . (1 +8)2 - o.
. a5 _ 3T 3
*t e de ~ 1 +¢€ :

Thus if true stress is plotted against nominal strain, the instability
point is found by drawing a tangent to the curve such that the length

of the sub-tangent is (1 + &)

o i L
{/
s
/’/‘-“ - L
’/( .
P
/"r’
<
- /
e
/ }
‘ﬂ/“/l —_—
T -1 do
,///3 tan  T% ' *
’ ~~--v.§_..‘,,,......._k ———— R S, o iy kP, bk e & e et i .
bl 1 P 3 : Tt e N 2 e
Since g = 1n(1+¢€) from equation 2
it 1
de B 14+ &
. ao a8 de
e = e —
't 4% de * ar
= 9 2 g-1+e
ao
= = T
de L.

Thus for a true stress ~ true strain graph, the instability peint is
found by construeting a tangent to the curve such that the length of

the sub-tangent along the true strain axis is 1.
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’ /f/ ’ ;,- ‘
/ tan @ e !
R f d 14 V :

i

S i

™

True stress - strain curves may be described by the parabolic equation :-
T = ke n ’!/5,-7
where k and n are constants.
This was originally proposed by Ludwik (“"9), who stated that either
true logarithmic strain or nominal strain may be used., Later, Nadai (150)

(151) (152) (159

and Pascoe used nominal strain, while Holloman , Gensamer
and others use logarithmic strain. For small streins, nominal strain
and logarithmic strain are almost identical.

DiffL%entiating equation 5, using true strain,

3 = k&g&
g _ = (n-1)
iF = kne
. A s X ¢ | - :
But for instability, iF = 0> from equation L.
e kns™) L5 oo g
e n = € at maximum load 6.
Also, from 5 = x&8°
log 0 = 1logK+ nlog€ v 7.
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'n! is termed the strain hardening coefficient, and may be evaluated
from the slope of the log true stress - log true strain plot, or from
the value of true strain at maximum load. It is a measure of the work
hardening characteristic and is the 1limit of uniform strain for any
given materigl which obeys the relationship in equation 5.
Linear log true stress - log true strain plots have been

demonstrated for different steels(152), copper alloys(154), silver

chloride and some Al alloys(155). However, non-linear plots have been
shown by Carreker and Hibbard(57) for high purity Cu and by Dorn et al(61)
for high purity Al and dilute i1 elloys.

Other empirical equations for stress—strain curves have been
proposed., Generally, these expressions are no better approximations
than the simple parabolic expression of Ludwik, and are more complex
for theoretical analysis,

A more realistic variation of Ludwik's equation has been proposed
by Swift(156).

8'-: A(B+S)n 8.

where A, B and n are constants.

This equation is also parabolic.

Ql
A

i e o . e 7 ot £ A sl At Y 8 S O B P St B il i 5 i S
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ac  _ n-1
-é_.?. = n. A, (B + 3)
T BiE

But, from equation 4, at instability,

ag -
ag - ©
o.n 8 = ‘]%1'.% » and n = B+ E
€ - -
oT> Tnstability = =~ °° 9.
Appendix 2.
Calculations from tensile tests on single crystals.
1« The resolved shear stress
T = %O.cos?\i.coscpi.
where, P = 1locd
Ay = original crosg~sectional arsas,
A; = instantaneous cngle between tensile oxis.
and glide ddrection
®3 = instantaneous angle between tensile axis and

glide plane normal

Thus, +the critical resolved shear stress,

P
T o =—I-L§-=.cos7\o.cos<90 s

where the subscript 'o' refers to values at the yield point.
For calculating the resolved shear stress on the operative slip
plane(5 5) at other stages of deformation, the following relationship

was also used :-



2L sos 99
1o cos P4
where, 1,
13
1
Now -Tgv = 1 + &

(1 -
(1 -

and cos A =

so that cos Ay =

In the present work,

calculated only for single slip deformation,

(the area of the slip plane)

Thus T

e ]

o]
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sin %.o

e

sin A3

where,

1
sin? A )2
sin2 'A- o )12‘

i1+-e$z

is constant.

H

so that

original gauge length

instantaneous gauge length.

tensile strain

13 - 1o

1o

resolved shear stress values have been

Ao

cos ¢4

. A
e cos 9. (1 -,%%2;197% )2 1,

24 Glide strain

This is defined as the relative displacement of two slip planes

unit distance apart, and is given by

1
cos Qg

(55)

O (1 +e)? - sin® Aol

noj-

- cos Mg ] 2.
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