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I 



Abstract 

The study of III-nitride materials (InN, GaN and AlN) gained huge research momentum after 

breakthroughs in the production light emitting diodes (LEDs) and laser diodes (LDs) over the 

past two decades. Last year, the Nobel Prize in Physics was awarded jointly to Isamu 

Akasaki, Hiroshi Amano and Shuji Nakamura for inventing a new energy efficient and 

environmental friendly light source: blue light-emitting diode (LED) from III-nitride 

semiconductors in the early 1990s. Nowadays, III-nitride materials not only play an 

increasingly important role in the lighting technology, but also become prospective 

candidates in other areas, for example, the high frequency (RF) high electron mobility 

transistor (HEMT) and photovoltaics. 

These devices require the growth of high quality III-nitride films, which can be prepared 

using metal organic vapour phase epitaxy (MOVPE). The main aim of my thesis is to study 

and develop the growth of III-nitride films, including AlN, u-AlGaN, Si-doped AlGaN, and 

InAlN, serving as sample wafers for fabrication of ultraviolet (UV) LEDs, in order to replace 

the conventional bulky, expensive and environmentally harmful mercury lamp as new UV 

light sources.  

For application to UV LEDs, reducing the threading dislocation density (TDD) in AlN 

epilayers on sapphire substrates is a key parameter for achieving high-efficiency AlGaN-

based UV emitters. In Chapter 4, after careful and systematic optimisation， a working set of 

conditions, the screw and edge type dislocation density in the AlN were reduced to around 

2.2×10
8
 cm

-2 
and 1.3×10

9 
cm

-2
, respectively, using an optimized three-step process, as 

estimated by TEM. An atomically smooth surface with an RMS roughness of around 0.3 nm 

achieved over 5×5 µm
2
 AFM scale. Furthermore, the motion of the steps in a one dimension 

model has been proposed to describe surface morphology evolution, especially the step 

bunching feature found under non-optimal conditions.  

In Chapter 5, control of alloy composition and the maintenance of compositional uniformity 

across a growing epilayer surface were demonstrated for the development of u-AlGaN 

epilayers. Optimized conditions (i.e. a high growth temperature of 1245 °C) produced 

uniform and smooth film with a low RMS roughness of around 2 nm achieved in 20×20 µm
2
 

AFM scan.  

II 



 

 

The dopant that is most commonly used to obtain n-type conductivity in AlxGa1-xN is Si. 

However, the incorporation of Si has been found to increase the strain relaxation and promote 

unintentional incorporation of other impurities (O and C) during Si-doped AlGaN growth. In 

Chapter 6, reducing edge-type TDs is observed to be an effective appoach to improve the 

electric and optical properties of Si-doped AlGaN epilayers. In addition, the maximum 

electron concentration of 1.3×10
19 

cm
-3

 and 6.4×10
18 

cm
-3

 were achieved in Si-doped 

Al0.48Ga0.52N and Al0.6Ga0.4N epilayers as measured using Hall effect. 

Finally, in Chapter 7, studies on the growth of InAlN/AlGaN multiple quantum well (MQW) 

structures were performed, and exposing InAlN QW to a higher temperature during the ramp 

to the growth temperature of AlGaN barrier (around 1100 °C) will suffer a significant indium 

(In) desorption. To overcome this issue, quasi-two-tempeature (Q2T) technique was applied 

to protect InAlN QW. After optimization, an intense UV emission from MQWs has been 

observed in the UV spectral range from 320 to 350 nm measured by room temperature 

photoluminescence. 
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1 
Introduction 

1.1 Motivation  

Since the invention of the incandescent bulb by Thomas Edison in 1879 (Figure 1.1), there 

has been a continuous motivation to come up with less expensive, more efficient and brighter 

lighting sources. According to International Energy Agency (IEA) estimates [1], about 19% 

of the global electricity consumption is currently used for lighting loads with a slightly 

smaller fraction used in the European Union (14%). Unfortunately, the conversion of 

electricity to light is very inefficient, for example, only 5% of the electricity supplied is 

converted into visible light by incandescent light bulbs and only 20% is converted to light by 

energy-saving compact fluorescent lamps [2]. Nowadays, our rapidly growing energy 

consumption demands that we should research into more efficient ways of producing light. 

This improving energy efficiency can both save our energy and reduce greenhouse gas (GHG) 

emissions. 

 

Figure 1.1:  Examples of candlelight, incandescent light bulb, compact fluorescent and solid-state light. 
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The solid-state light (SSL) namely light emitting diode (LED) based light sources have 

already shown its great potential as a source with very high electrical-to-optical (ETO) 

conversion [3]. Current SSL materials consist of three broad categories: (I) inorganic 

materials such as group-III nitrides [4, 5, 6], (II) hybrid organic-inorganic materials [7] and 

(III) organic material that are carbon-based compounds [8, 9, 10]. Among these SSL 

materials, group-III nitrides and their compounds are attractive semiconductor materials for 

optoelectronic device due to their excellent structural properties, high thermal and chemical 

stability [11, 12]. Our research project at the Tyndall National Institute for Nitride Material 

Group (NMG) is mainly focused on the growth of high quality III-nitride films serving as 

templates for ultraviolet (UV) LEDs by using metal organic vapour phase epitaxy (MOVPE) 

technology.  

The “cooling rays” was firstly found by Johann Wilhelm Ritter’s unsuccessful research, 

which was largely inspired by the discovery of “heat rays” from William Herschel in 1800 

[13]. This "chemical cooling rays" found by Ritter later became well known as UV radiation. 

To date, in the short wavelength regime, bright and efficient UV light sources are required for 

many applications in various fields as shown in Figure 1.2. Compared to conventional 

mercury (Hg) based UV lamps, UV LED is one of the most effective solutions due to their 

compact designs, environmental friendliness, low heat generation, low current consumption, 

long life time and high energy efficiency [14, 15]. 

The first 354 nm aluminium gallium nitride/gallium nitride (AlGaN/GaN) quantum well (QW) 

UV LEDs on sapphire substrates were reported by J. Han et al. [16] in 1998. After that, 

Nishida and co-workers fabricated first high-power UV LEDs with 346 nm emission on SiC 

substrates in 1999 [17]. Since this time, AlGaN have attracted great interest in Group-III 

Nitride material to develop UV LEDs due to the direct bandgap ranging from ~3.42 eV for 

GaN [18] to ~6.1 eV for AlN [19] corresponding to the wavelength range from 360 to 200 

nm. To date, although the maximum reported external quantum efficiency (EQE) of blue 

indium gallium nitride (InGaN) LEDs surpasses 80% [20], published EQE values of the 

AlGaN-based UV LEDs with wavelength below 360 nm have not exceeded 15% [21, 22, 23]. 

Figure 1.3 shows published EQE values of the recent (2010-2015) progress in high-efficiency 

UV LEDs with wavelength below 360 nm developed by different companies and groups. 

https://en.wikipedia.org/wiki/Ultraviolet
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Figure 1.2: Applications of UV LEDs. The near ultraviolet spectrum (200 − 400 nm) can be subdivided 

into three regions of UVA (400 − 315 nm), UVB (315 − 280 nm) and UVC (280 − 200 nm) [13, 14]. 

Figure 1.3: External quantum efficiency of UV-LEDs and DUV-LEDs [21, 22, 23]. 
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In general, the limitation in the EQE of UV LEDs is attributed to three factors: (I) internal 

quantum efficiency (IQE), (II) carrier injection efficiency (CIE) and (III) light extraction 

efficiency (LEE). Among these, some possible causes for the origin of efficiency drop related 

to epitaxial growth are described as follows. 

1) A decrease in IQE due to a high dislocation density in the active region.  

Epitaxial AlGaN layers are grown on AlN buffer layers over c-plane (0001) sapphire or 

Kyma
®

 substrates (c-plane sapphire with a thin 50 nm AlN nucleation layer prepared 

commercially) in our research, because commercial AlN native substrates are too expensive 

(above $2000 per inch). This hetero-epitaxial growth process generally results in epitaxial 

layers with high dislocation densities, which can act as non-radiative recombination centres 

leading to a poor radiative efficiency [24]. To improve crystal quality, we have found a 

simple method to reduce defect density for AlN templates, and an optimised approach to 

smooth AlGaN buffer layers.  

 

2) A decrease in the carrier localization effect due to a decrease of indium (In) 

composition in the active region [25, 26]. 

AlxGa1-xN is the conventional III-nitride material for UV LEDs, which is more sensitive to 

defects than that of InGaN due to its weaker localization effect [27, 28]. For InGaN-based 

blue LEDs, when there is a relative high indium (In) composition, electrons and holes rapidly 

recombine before getting captured by a dislocation, but as the indium composition decreases, 

the charges interact more within dislocations. Therefore, we have proposed a method to 

promote In composition in the quantum well region, which is replaced from GaN or AlGaN 

to InAlN.  

 

3) A decrease in the CIE due to electron overflow into the p-type layers and/or 

insufficient holes supply into the active region [29, 30].  

Currently, incorporation of a p-type electron blocking layer (EBL) [31, 32] is commonly 

known to be one of the most effective approaches to prevent the electron overflow due to the 

large potential barrier created by the EBL. However, it has been reported that the large 

polarization-field induced band bending and the valence band offset at the interfaces of p-

GaN and EBL are considered to hinder the transport of holes into the MQWs region [33]. As 

a result, to reduce the polarization field in the EBL, such as graded EBL [34, 35, 36], InAlN 
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EBL [37], AlGaInN EBL [38], and AlGaN/GaN superlattice EBL [39], to improve 

effectiveness of the EBL. 

4) A decrease in the LEE due to UV absorption in the GaN buffer layer and p-type GaN 

contact layer.  

UV with emission wavelength below around 360 nm is typically absorbed by the GaN buffer 

layer and p-type GaN contact layer. This effect can be weakened by growing AlGaN directly 

over AlN templates. 

1.2 Overview of this work 

The scope of this thesis deals with study and development of the growth of III-nitride 

materials using MOVPE technology in order to investigate their applicability for near and 

middle UV LEDs with emission wavelength between 300 and 350 nm. Chapter 1 provides a 

motivation of this project and the outline of thesis.  

An overview fundamental property of III-nitrides is described in Chapter 2. Choice of 

substrate materials is pointed out. The critical issue of structural and native defects are also 

summarized in this chapter.  

Chapter 3 introduces the MOVPE growth technique and some of the characterization 

methods used in this work. These include in-situ and ex-situ characterization methods to 

characterize basic structural, electrical and optical properties. 

Since the quality of the III-nitrides are crucial and can have a huge impact on device 

performance, we present our attempts to develop high quality AlN templates (buffer layers) 

for UV-LEDs in Chapter 4. Among several approaches, we try to grow AlN epilayers directly 

on c-plane sapphire substrates with a 3-step optimized method, which could realize AlN films 

with very smooth surfaces and low dislocation densities. Furthermore, a model based on 

surface diffusion and substrate miscut angle is proposed in order to describe the surface 

morphology evolution.  

Chapter 5 describes the experimental results of AlxGa1-xN growth on AlN templates. Special 

care is taken to determine the actual Al content by varying different growth conditions and 

AlN template types. In order to understand the strain relaxation mechanisms for AlxGa1-xN 

epilayers, strain analysis based on X-ray diffraction (XRD), in-situ wafer curvature and 

transmission electron microscopy (TEM) were employed. Moreover, we have investigated 
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the surface inhomogeneity on a micro scale for different Al composition, and growth mode 

change through varying growth conditions. 

Si-doped AlGaN for n-type conductivity is presented with the influence of the Si/III ratio on 

structural, electrical and optical properties in Chapter 6. In this part, we explain how Si/III 

ratio increases the tensile strain in epilayers associated with different templates. Electrical 

compensation arising from the unintentional incorporation of impurities has been also 

discussed. 

In Chapter 7, InxAl1-xN thin films grown on AlxGa1-xN buffer layers with different Al 

contents are studied with regard to the structural, morphological and optical properties. In 

addition, a new AlGaN/InAlN MQW structure with emission wavelength between 300 and 

350 nm based on polar (c-plane) crystal orientation is described.  

Finally, Chapter 8 offers a comprehensive summary of my work and an outlook for the future 

research in this field.   
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2 
Fundamentals of Group-III Nitrides  

The aims of this thesis are to investigate and develop AlN-based material on c-plane sapphire 

substrates. In this chapter, the fundamental properties of group-III nitride material will be 

described conceptually, e.g. crystal structure, chemical bonding, bandgap energy and 

polarization etc. Afterwards the structural and other properties of substrates which are 

commonly used for hetero- and homo-epitaxial will be summarized. Finally, the inherent 

defects of group-III nitride system and the evolution of structural defects during the growth 

are briefly introduced and discussed.  

2.1 Physical properties of group-III nitride materials 

Aluminum (Al), gallium (Ga) and indium (In) belonging to group-III combined with nitrogen 

(N) from group-V, form the III-V AlxGa1-yIn1-x-yN compound semiconductor material system 

that includes AlN, GaN and InN, 

and their ternary and quaternary 

alloys. This material system has a 

broad direct band-gap energy range, 

from ~0.7 eV for InN [1] to ~6.1 

eV for AlN [2] at room 

temperature as shown roughly in 

Figure 2.1. This enables the nitride 

based emitters to cover the entire 

visible spectral range as well as the 

ultraviolet (UV) and infrared. As a 

result, group-III nitrides have 

become an important material to 
Figure 2.1: Band gap energy versus lattice constant for 

binary group-III nitride material system at room 

temperature [1, 2]. 

 



 

 

10 

 

realize the high performance optical devices in the infrared to deep ultraviolet (DUV) regions, 

and also the high-power/high frequency electronic devices, which can be operated at high 

temperature and chemically harsh environments [3, 4, 5, 6, 7, 8]. 

 

2.1.1 Structural properties 

2.1.1.1 Chemical bonding  

Compared to other group III-V compound semiconductors e.g. GaAs and InP, the group-III 

nitrides have a group-III nitrogen covalent bond with stronger ionic component due to 

presence of nitrogen, which is the smallest and the most electronegative group-V element. 

Consequently, the electrons involved in such bonds are attracted by the stronger coulomb 

potential of the nitrogen atomic nucleus leading to the strong convalent bond betweem the 

metal and nitrogen. Additionally, the lattice parameters for the nitrides are significantly 

reduced due to the small covalent radius of N (0.7 Å, compared with 1.10 Å for P, 1.18 Å for 

As, 1.36 Å for Sb) [9, 10]. This induces high bond energies of group-III nitrides leading to 

high melting temperatures under very high N2 pressures compared to group-III arsenides as 

shown in Figure 2.2 (a). The bond energy between group-III atoms and nitrogen atoms reveal 

large variations from the strongest bond energy of EB (Al-N) = 2.88 eV to EB (Ga-N) = 2.2 

eV and EB (In-N) = 1.93 eV of the nitrides AlN, GaN and InN, as shown in Figure 2.2 (b) 

[11]. In summary, these properties ensure the group-III nitrides are more chemically and 

thermodynamically stable and leads to their suitability for the device applications mentioned 

previously.  

 

Figure 2.2: The melting points of group-III nitrides and arsenides (a) and binary bond energies for 

group-III nitrides and arsenides (b). 
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2.1.1.2 Crystal structure 

The group-III nitrides can crystallize in rocksalt (RS), zincblende (ZB) and wurtzite (WZ). 

Among these structures, wurtzite structure is the preferred stable structure under normal 

conditions for InN, GaN and AlN. Therefore, only the wurtzite structure, which is a 

hexagonal structure, is presented and investigated in our research. 

In the wurtzite structure, there are two interpenetrating hexagonal close-packed lattices, each 

lattice displaced from the other along the c-axis ideally by 3/8 of the cell height. The wurtzite 

unit cell and the lattice typical for AlN and GaN are shown in Figure 2.3. Along the c-axis 

group-III nitrides can crystallize in M-polar or N-polar orientation, where M corresponds to 

group-III metals (Ga, Al or In) and N to nitrogen atoms. The polarity of the crystal structure 

is determined by the atomic interface structure between group-III nitrides and substrates. If 

the bonds along the c-axis (single bonds) are from cation (Al) to anion (N) atoms, the polarity 

is said to be the Al-polar, and if from anion to cation atoms, it is N-polar. The growth polarity 

of III-nitrides is important because it indictates the direction of the polarization vector 

resulting from the spontaneous and strain-induced piezoelectric fields, discussed in the next 

section. Furthermore, surfaces of different polarity can have critical effects on crystal quality, 

surface morphology and physical characteristics such as Group-III metals and impurity 

incorporation rate [12, 13, 14]. 

 

 

 

 

 

 

 

 

 

  

 

Figure 2.3: Unit cell of wurtzite structure of (Ga,Al)N (a) and wurtzite structure of (Ga,Al)N (b). 
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The wurtzite lattice is characterized by three parameters: the edge length of the basal hexagon 

(a), the height of the hexagonal lattice cell (c) and the cation-anion bond length ratio (u) 

along the [0001] axis in units of c as shown graphically in Figure 2.3 (b). Each lattice 

displaces from the other along the c-axis ideally by 3/8 of the cell height, (3/8c). Hence, in an 

ideal wurtzite crystal, the c/a ratio is 1.6330 and u(=a
2
/c

2
) is 0.375 [15]. Because of the 

different metal cations, the bond lengths and the resultant c/a ratio of AlN, GaN and InN are 

different. This fact is very important because the degree of non-ideality is a determining 

factor in the strength of polarization in the group-III nitrides. 

As mentioned previously, most of the III-nitride research and applications development so far 

has been based on the growth along hexagonal wurtzite (0001) c-plane, which is also called 

the polar plane. In addition to polar c-plane, there are two alternative crystal planes: nonpolar 

and semipolar planes as shown in Figure 2.4. The nonpolar planes are perpendicular to the c-

plane, which include the a-plane (112̅0) and the m-plane (11̅00) [see Figure 2.4 (b-c)]. A 

semipolar plane inclines to the c -plane between 0 - 90° such as (101̅3̅), (101̅1) and (112̅2) 

[see Figure 2.4 (d-f)].  

 

Figure 2.4: Different polar (a), non-polar (b-c) and semipolar (d-f) planes in the wurtzite crystal of group-

III nitrides. 

In contrast to the polar structure, nonpolar and semipolar structures have two-fold surface 

symmetry instead of the six-fold surface symmetry of the c-plane, which strongly affect their 

properties such as morphological and structural properties [16]. Future challenges for the 
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growth of high quality nonpolar and semipolar films therefore include: improving surface  

roughness,  understanding  the  origin  of  defects  present  in  these films  and  the  effect  of 

growth conditions on them, controlling of the growth orientation and finding an effective 

method of defect reduction. 

 

2.1.2 Polarization of group-III nitrides  

The wurtzite structure of Group-III nitrides lacks centre of inversion symmetry grown along 

the [0001] direction. The absence of this inversion symmetry, besides the strong ionicity of 

the metal-nitrogen bond, potentially leads to an electrostatic field. This in turn leads to strong 

polarization fields pointing along [0001] or [0001̅], including the intrinsic spontaneous and 

strain-induced piezoelectric polarizations. In quantum wells the polarization charges can 

reduce the device efficiency due to the quantum confined stark effect (QCSE), and also cause 

other detrimental effects like wavelength-shifts and efficiency droop with increasing current 

densities [17]. The QCSE is caused by built-in electric field (band bending), so injected 

electrons shift to their lowest energy position on one side of the quantum well and holes find 

their lowest energy on the opposite side of the well. This spatial separation reduces the 

overlap of the electron and hole wavefunctions and decreases the recombination rate. 

Therefore, the QCSE can be weakened by optimising the quantum well (QW) width. The 

management of QW region and reduction of polarization field design in our InAlN/AlGaN 

multiple quantum wells (MQWs) will be introduced in Chapter 7.  

On the other hand, growing group-III nitrides on nonpolar and semipolar growth planes is 

widely studied. It exhibits no blue-shift in emission wavelength with increasing drive current, 

and the red-shift in emission wavelength with increasing well width is significantly smaller 

than for the c-plane equivalents, indicating the internal electric field is indeed smaller or 

eliminated on such planes [18, 19]. It also has been shown to have a significantly shorter 

radiative recombination time [20].   

The group-III nitride materials have been grown epitaxially on the polar (0001) c-plane 

sapphire substrates in our experiment. In the absence of external fields, the total polarization 

Ptotal can be expressed in terms of two components spontaneous polarization (𝑃𝑠𝑝 ) and 

piezoelectric polarization (𝑃𝑝𝑒) [21],  

                                                             𝑃𝑡𝑜𝑡𝑎𝑙
⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗  = 𝑃𝑠𝑝

⃗⃗ ⃗⃗  ⃗ + 𝑃𝑝𝑒
⃗⃗ ⃗⃗  ⃗                                                   (2.1) 
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2.1.2.1 Spontaneous polarization 

Spontaneous polarization constitutes nonzero dipole moments in the absence of external 

influence, i.e., strain and applied electric field. The direction of the spontaneous polarization 

is dependent on the polarity of the crystal. In the case of fully relaxed Gorup-III nitride 

material with a Al- or Ga-face layer, the spontaneous polarization field for GaN and AlN is 

negative pointing towards the [0001̅] direction. In an N-polarity face, the net polarization 

would be in the opposite, [0001] direction parallel to the c-axis growth direction, as shown in 

Figure 2.5. 

 

Figure 2.5: Spontaneous polarization due to asymmetric second-nearest neighbour interaction, already in 

the case of an ideal tetrahedron, differences in electronegativity between cation and anion lead to 

spontaneous polarization [22, 23].   

Table 2.1 offers parameter sets for Psp of the III-nitrides. For all III-nitrides, the effective Psp 

is negative from GaN to InN to AlN. Zoroddu et al. [26] pointed out that the spontaneous 

polarization of relaxed alloys for a given composition depends linearly on the average u 

parameter, which indicates that spontaneous polarization differences between alloys of the 

same composition are mainly due to varying cation-anion bond length, whereas disorder has a 

negligible influence. However, because of the non-linear dependence of the lattice parameter 

on alloy composition under strained condition in practice, a non-linear behaviour of the 

spontaneous polarization versus alloy composition has to be expected and can be treated by 

using a bowing parameter for ternary and quaternary alloys [27]. 
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Material 

(hexagonal) 

GaN      

(C m
-2

) 

AlN       

(C m
-2

) 

InN       

(C m
-2

) 

Ref 

Psp -0.029 -0.081 -0.032 [24] 

Psp -0.034 -0.09 -0.042 [25] 

Table 2.1: Parameter sets for Psp of binary III-nitrides [24, 25]. 

2.1.2.2 Piezoelectric polarization 

The piezoelectric effect can be induced by two components, both of which lead to lattice 

distortion in an epitaxial layer. One is due to lattice mismatch (misfit) strain while the other is 

due to thermal strain from the thermal expansion coefficient difference between the substrate 

and the epitaxial layers. The magnitude and direction of this piezoelectric component 

depends on the stress in the crystal. The piezoelectric polarization vector is given by [28] 

                                                                     𝑃𝑝𝑒
⃗⃗ ⃗⃗  ⃗ = 𝑒 𝜀                                                           (2.2) 

Where 𝑒 and 𝜀  are the piezoelectric and the stress tensors. In wurtzite nitrides, the preferred 

growth direction is the polar [0001] or [0001̅] axis, so that in-plane mismatch automatically 

generates piezoelectric effects along the growth c-direction. The 𝑃𝑝𝑒
⃗⃗ ⃗⃗  ⃗ is calculated using the 

piezoelectric tensor (eij) of hexagonal P63mc symmetry by [29] 

                                       [

𝑃𝑥

𝑃𝑦

𝑃𝑍

] = [
0 0 0
0 0 0

𝑒31 𝑒31 𝑒33

   
0 𝑒15 0

𝑒24 0 0
0 0 0

]

[
 
 
 
 
 
𝜀𝑥𝑥

𝜀𝑦𝑦

𝜀𝑧𝑧

𝜀𝑦𝑧

𝜀𝑥𝑧

𝜀𝑥𝑦]
 
 
 
 
 

                               (2.3) 

Note that  𝑒24=𝑒15 for hexagonal symmetry that reduces to [29] 

                                                [

𝑃𝑥

𝑃𝑦

𝑃𝑍

] = [

𝑒15𝜀𝑥𝑧

(𝑒24 = 𝑒15)𝜀𝑦𝑧

𝑒31(𝜀𝑥𝑥 + 𝜀𝑦𝑦) + 𝑒33𝜀𝑧𝑧

]                                       (2.4) 

It is clear from Equation 2.4 that the 𝑃𝑝𝑒
⃗⃗ ⃗⃗  ⃗ along the [0001] c-direction,  

                                                           𝑃𝑝𝑒=e31(εxx+ εyy)+e33 εzz                                             (2.5) 

If only a isotropic biaxial strain is present, the in-plain strain ε∥ is equal to εxx and εyy 

expressed by 
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                                                             𝜀∥ = 𝜀𝑥𝑥 = 𝜀𝑦𝑦 =
𝑎−𝑎0

𝑎0
                                           (2.6) 

Where a and a0 represent the in-plane lattice parameters for the strained and relaxed epitaxial 

layer respectively. The expression of the out-of-plane strain is  

                                                                   𝜀⊥ = 𝜀𝑧𝑧 = 
𝑐−𝑐0

𝑐0
                                               (2.7) 

Similarly, c and c0 represent the strained and relaxed the out-of-plane lattice parameters. In 

hexagonal symmetry, strain in the out-of-plane direction can be expressed in terms of the in-

plane strain through the use of Poisson’s ratio (ν), which is expressed in terms of elastic 

coefficients Cij as [30, 31] 

                                                          𝜀⊥ = −2 
𝐶13

𝐶33
𝜀∥ = −2

𝜈

1−𝜈
𝜀∥                                      (2.8) 

                                                  
𝑐−𝑐0

𝑐0
= −2 

𝐶13

𝐶33
(
𝑎−𝑎0

𝑎0
) =  −2

𝜈

1−𝜈
(
𝑎−𝑎0

𝑎0
)                            (2.9) 

Where C13 and C33 are elastic constants.  Hence, for an isotropic biaxially strained layer the 

effective piezoelectric polarization is given by  

                                                          𝑃𝑝𝑒
⃗⃗ ⃗⃗  ⃗ = (𝑒31 − 𝑒33

𝐶13

𝐶33
)

𝑐−𝑐0

𝑐0
                                        (2.10) 

Elastic and piezoelectric constants are summarized in Table 2.2. Figure 2.6 shows a 

schematic representation of compressive and tensile strain states of a crystal lattice where 

arelaxed (ar) and crelaxed (cr) are lattice parameters of the fully relaxed layer, and as and cs are 

lattice parameters of a strained layer. The biaxial strain in the layer is due to the existence of 

a strong correlation between the c/a and the cell internal parameter u so that when c/a 

decreases (tensile strain), the u parameter increases in a manner to keep the four tetrahedral 

distances (bond distances) nearly constant through a distortion of tetrahedral angles (bond 

angles). 

Material 

(hexagonal) 

C11     

(GPa) 

C13            

(GPa) 

𝒆𝟑𝟏   

(Cm
-2

) 

𝒆𝟑𝟑   

(Cm
-2

) 

InN 190 121 -0.57 0.97 

GaN 390 106 -0.49 0.73 

AlN 345 120 -0.60 1.46 

Table 2.2: The elastic constants of group-III nitride materials [30,32]. 
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Figure 2.6: Ideal tetrahedron without Ppe  and strain [biaxially compressive (b) and tensile (c)] leads to 

piezoelectricity. 

 

2.2 Substrate materials 

Group-III nitride materials have been grown heteroepitaxially on a number of foreign 

substrates. In theory, the best substrate for Group-III nitride material epitaxial growth would 

be selected from the same material as the epitaxial material itself. For example most 

commercial semiconductor devices are based on their native substrates, such as Si devices on 

single-crystal Si substrates, GaAs based devices on GaAs substrates, and other As- and P-

based compound semiconductors. GaN single crystal substrates with low defect density have 

been used for fabrication of homoepitaxial high efficiency LEDs and high-voltage HFETs in 

practice [33, 34]. AlN single crystalline substrates can be grown by physical vapour transport 

(PVT), the oxygen contamination can be difficult to control during growth [35]. Recently, a 

promising method to preparing bulk AlN crystals is to grown by hydride vapour phase 

epitaxy (HVPE) AlN on a PVT-AlN substrate base which can lead to material of the quality, 

summarized in Table 2.3 [36, 37]. However, these III-nitride native substrates are still an 

expensive option and most devices are still prepared heteroepitaxially. 

Table 2.4 is a compilation of the lattice parameters and thermal characteristics of a number of 

substrates that have been used for group-III nitride materials growth. For selection of 

substrate for nitride epitaxy, it should ideally have similar properties to the film to be grown 

over it. One significant parameter of the substrate is the degree of mismatch between 

substrate and epitaxial film which can determine the number of defects present in the device. 

These defects are believed to act as non-radiative recombination centres and limit the device 

performance [38, 39]. Such defects however can be reduced by appropriate “growth 
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engineering” to cause a significant fraction to annihilate. Meanwhile, the lateral thermal 

expansion coefficient is also important which ideally should be matched with the film to be 

grown to avoid problems during the temperature changes in the growth process, especially on 

cooling down, because extra strain and stress may be introduced resulting in elastic or plastic 

deformation, for example film cracking. The crystal orientation of the substrate is also 

important. It determines the growth plane, the crystal structure or orientation of the film. A 

mis-orientation (miscut) in the crystal orientation of the substrate can significantly modify the 

growth process, as discussed in later chapters.    

 HVPE PVT 

Diameter 2 inch 2 inch 

Threading 

Dislocation Density 

(TDD) 

> 10
7
  cm

-2
 (on SiC or 

Sapphire) 

~10
4
  cm

-2
 (on PVT-AlN) 

< 10
4
  cm

-2
 

Growth Rate ~25 μm/h > 100 μm/h 

Growth 

Temperature 

1450 °C 2000-2300 °C 

Optical 

Transparency 
~200 nm 

~290 nm (due to high impurity 

concentrations of C, O and Al 

vacancy) 

Table 2.3: The comparison of bulk AlN substrate by HVPE and PVT [37]. 

C-plane sapphire substrates are used in our heteroepitaxial growth due to their low cost, the 

availability of two inch diameter crystals, its stability at high temperature and transparency to 

UV light. However, the limitation of sapphire is its dielectric characteristics, in particular its 

electrical insulating nature. The electric contacts as a result should be mounted on the front 

side of a device. In this case the working area of the device is reduced, and the device 

engineering and fabrication procedure is made more complicated. Sapphire has other 

disadvantages including its poor thermal conductivity. One technique that has been used to 

overcome these challenges is to use laser lift-off (LLO) to remove the sapphire potentially 

allowing a back contact device with lower series resistance due to its vertical current 

transport [40, 41, 42]. 
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Material 

Lattice 

parameter 

(Å) 

Thermal 

expansion 

coefficient 

(10
-6

/K) 

Thermal 

conductivity 

(W m
-1

 K
-1

) 

Resistivity 

(𝛺 cm) 

Melting 

point 

(
o
C) 

Price 2 inch 

wafer 

($) 

AlN 

(hexagonal) 

a=3.112 

c=4.982 

ath,a=4.2 

ath,c=5.3 

200-320 ≥ 10
12

 
2400 

@30bar 

~ 4450  to 

5250 (1 inch) 

GaN 

(hexagonal) 

a=3.189 

c=5.185 

ath,a=5.59 

ath,c=3.17 

130-230 ≥ 10
9 

>1700 

@2kbar 
>1000 

Al2O3 

(Sapphire) 

a=4.763 

c=13.003 

ath,a=7.5 

ath,c=8.57 

30-50 ≥ 10
11

 2030 ~10-20 

6H•SiC 

(hexagonal) 

a=3.0817 

c=15.1123 

ath,a=4.2 

ath,c=4.68 

490 ≥ 10
11

 
~2700 

sublimes 
>500 

Si 

(cubic) 

a=5.4301 

ath,a=3.59 

 

150 ≤5x10
4
 1415 5 

Table 2.4: Basic properties of substrate and group-III nitride materials [43, 44] 

 

2.3 Crystal defects  

Material quality has always been a critical issue for the technological development of 

semiconductors. The performance of semiconductor devices is always limited by the impact 

of defects on band structure, carrier mobility, optical properties and the incorporation of 

impurities. It is particularly acute in III-nitride material due to the general lack of availability 

of native substrates in the commercial sense. As a result, AlN epitaxial layers have been 

mainly grown on foreign substrates such as sapphire, SiC and Si. To improve the quality of 

epilayers, much attention has been devoted to the understanding of point defects and extend 

defects. The formation of such defects during growth can be classified by their 

dimensionality as shown Table 2.5 [45, 46]. In this work, we particularly concerned with 0, 1 

and 3 dimensional defects such as point defects (PDs), threading dislocations (TDs) and 
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inversion domains (IDs) which can disturb the crystal structure. These defects will be 

introduced in the following sections. 

 Defect Definition 

Zero dimension 

(Point defect) 

Vacancy An empty atomic site 

Interstice An atom occupies somewhere except an atomic site 

Antisite 
An ordered alloy or compound when atoms of different type 

exchange position 

Substitution 
Some “foreign” species on an atomic site, for example donor 

and acceptor 

One dimension 

(Line defect) 
Dislocations  

Edge: a portion of an extra plane of atoms 

Screw: helical atomic displacement around a line and extending 

through the crystal  

Two dimension 

(Planar defect) 

Grain boundaries Dislocations pile up 

Stacking faults Dislocations border a two dimensional defect 

Inversion domain 

boundary  
Adjacent domains with opposite polarity 

Three dimension 

(Volume defect) 

Inversion domain 
Adjacent domains with opposite polarity in three  dimensional 

volume  

Voids The absence of a number of atoms to form internal surfaces 

Cracks 
Broken bonds at the surface due to tensile stress in-plane during 

the epitaxial growth 

Nanopipes 
Tunnel-like defects which are aligned along the growth 

direction of the crystal and penetrate the film 

Table 2.5: General classification of defects in dimension. 

2.3.1 Point defects (PDs)  

A point defect disturbs the wurtzite crystal structure at an isolated site, which is classified by 

intrinsic and extrinsic defects. They can affect the electrical and optical properties of the host 

material [47, 48, 49, 50, 51]. Therefore, the control of point defects (i.e., donors and 

acceptors) either in the form of impurities or intrinsic defects is the key to the fabrication of 

useful devices in group-III nitrides.  

In general, there are three types of intrinsic point defects: vacancy, interstice and antisite. 

Figures 2.7 displays AlN incorporating the (a) vacancies [aluminium vacancy (VAl) and 

nitrogen vacancy (VN)] and (b) antisites [N site there is an Al atom (NAl) and Al site there is 
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an N atom], respectively. However, these intrinsic point defects are unlikely to form 

spontaneously during undoped GaN and AlN growth due to very high defect formation 

energies [49, 52]. Their formation energies are dependent on Fermi-level and/or extreme 

growth environment (N-rich or group-III metal rich condition). For example, the VGa has 

relatively low formation energy in n-type GaN when the Fermi level is close to the 

conduction band [49]. In the case of AlN growth, the typical experimental growth conditions 

are expected to fall nearer the Al-rich extreme and the VN is favourable compared to the VAl 

[53]. Therefore, control of Fermi level at the surface becomes a potential solution to change 

point defect incorporation during growth, which has been demonstrated in Mg-doped GaN 

and Si-doped Al0.65Ga0.35N by NCSU group [54, 55]. 

  

Figure 2.7: (a) vacancies (VGa and VN) and (b) antisites (NAl and AlN) in AlN, inserted with growth 

direction [0001].  

The extrinsic point defects are foreign atoms, which are called impurities if they are not 

intentionally added to the material, and are called dopants (i.e., donors and acceptors) if they 

are intentionally added to the material. These foreign atoms may occupy atomic sites, in 

which case they are called substitutions.  

The shallow residual oxygen (O), silicon (Si) and carbon (C) impurities were observed as 

unintentionally incorporated impurities during GaN and AlN growth [49, 7]. O or Si 

substituted into a N site (ON or SiN) act as a shallow donor and may lead to the n-type 

conductivity for undoped GaN [56]. In contrast to GaN, unintentionally doped AlxGa1-xN is 

normally resistive or insulating at high Al contents [57]. The different behaviour compared to 

GaN was attributed to the O donor that is believed to become a deep donor at Al contents 

above x>0.3 [58, 59] or by the much lower formation energy for cation vacancy related 

complexes (VIII-complexes) that act as deep acceptors and may therefore be abundant in 
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unintentionally AlxGa1-xN and lead to compensation of free carriers [60]. In the case of c-

plane bulk AlN growth, Collazo et al. identified that absorption in the deep UV at 4.7 eV 

(~265 nm) is due to the incorporation of substitutional C acting as deep acceptors on the 

nitrogen site (CN) by combining experiment with hybrid-exchange density functional theory 

(DFT) calculations [61, 62]. 

On the other hand, dopants are usually intentionally added to III-nitride materials to control 

the (n- or p-) type and concentration of charge carriers. For example, Figure 2.8 shows (a) 

magnesium (Mg) act as an acceptor and (b) silicon (Si) act as a donor in GaN, respectively.  

The more details of Si-doped AlxGa1-xN doping experiments will be described in Chapter 5.  

Figure 2.8 (a) bonding around a Mg acceptor, showing a hole (+), and (b) bonding around a Si donor, 

showing an electron (‒) in GaN, respectively.  

The details of impurity transitions in III-nitrides can be characterized by deep UV 

photoluminescence (PL) spectroscopy and cathodoluminescence (CL) microscopy 

measurements [49, 50, 51]. The impurity concentrations can be measured by secondary ion 

mass spectrometry (SIMS) in detectable level. 

 

2.3.2 Dislocations 

For Group-III nitride materials heteroepitaxial layers, dislocations are line defects which can 

be divided into two groups: misfit dislocations (MDs) and threading dislocations (TDs). The 

character of dislocation is completely determined by two quantities: an oriented line direction 

Ɩ and a Burgers vectors b, which is a mathematical vector that represents the magnitude and 

direction of the distortion in a dislocation in a crystal lattice. Furthermore, dislocations either 

end at a crystal surface or form a complete loop. 
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2.3.2.1 Misfit dislocations (MDs) 

Misfit dislocations are generated due to a different lattice parameter and a different thermal 

expansion coefficient on heteroepitaxy, which lie in the heteroepitaxial interface. In 

homoepitaxial growth, epilayer will grow on the native (lattice-matched) “template” under 

fully relaxed state. However, epilayer grown on the lattice-mismatched “template” will be 

under either compressive or tensile strain depending on the in-plane lattice parameter of the 

underlying material as compared to the in-plane lattice parameter of epilayer material being 

deposited as shown in Figure 2.9 (a) and (d). If the fully relaxed in-plane lattice parameter of 

growing epilayer is larger, then it will be under compressive strain [Figure 2.9 (b)]. In the 

case of tensile strain, the fully relaxed in-plane lattice parameter of the epilayer would be 

smaller. Alternatively, cracks can form in the epilayer in order to release the tensile stress. 

[Figure 2.9 (e)].  

Below the critical thickness hc, the film can be grown pseudomorphically (asub=aepi). As 

further growing, the strain energy will be higher with increasing layer thickness. Once the 

thickness is greater than hc, it becomes energetically favourable for some form of relaxation 

to occur. This minimisation of the system energy can occur for example by forming dangling 

bonds and creating defects or rows of defects known as misfit dislocations as shown in Figure 

2.9 (c) and (f) [63]. Several theoretical models for calculating the critical thickness in 

isotropic materials have been published over the years, but these were typically developed to 

examine cubic material, such as SiGe/Si and InGaAs/GaAs [63, 64, 65]. For GaN-based 

semiconductors, various theories have been used to try to explain experimentally obtained 

values of hc in the InxGa1−xN/GaN system. However, these tend to provide a wide range of 

critical thickness predictions [66, 67, 68]. A few experimental techniques exist to determine 

the critical thickness: (I) transmission electron microscopy (TEM) can directly observe the 

misfit dislocations in the interface [66, 69, 70, 71], (II) photoluminescence microscopy (PLM) 

can also observe dislocations in the interface [43], and (III) x-ray diffraction (XRD) provides 

accurate data for determining the in-plane (perpendicular to the growth direction) lattice 

constants by analysing the peaks of x-ray rocking curves. After the critical thickness is 

reached, relaxation of the film can occur and the separation of the peaks corresponding to the 

two layers and the substrate can be observed to change. [67, 69, 72, 73]. In general, misfit 

dislocations are efficient in relieving strain. However, such dislocations are usually 

terminated by threading dislocations [74]. 
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Figure 2.9: Schematic of epitaxy and relaxation epilayers on templates. (a) a epilayer is grown on a 

template of smaller lattice parameter [atemp<ao]. (b) psedomorphic grown layer with compressive strain 

[atemp=aepi<ao]. (c) The compression in the epilayer with misfit dislocations. (d) a epilayer is grown on a 

template of lager lattice parameter [atemp>ao]. (e) The tension in the epilayer is relaxed by cracking. (f) 

The tension in the epilayer is relaxed with misfit dislocations. 

 

2.3.3.2 Threading dislocations (TDs)  

Threading dislocations are those that upwards through layer reaching the final surface. They 

are most typically generated at a highly mismatch interface, such as that between a substrate 

and heteroepitaxial layer. Based on the relation of line direction Ɩ and Burgers vector b, there 

are three main types of threading dislocation in the group-III nitride system: edge (a-type), 

screw (c-type), and mixed (a+c type) type dislocations corresponding to Burger’s vector 

b=1/3<112̅0>, <0001>, and 1/3<112̅3>, respectively [75]. The schematic Burger vectors of 

these dislocations are illustrated in Figure 2.10. In an edge dislocation, the Burgers vector is 

perpendicular to the dislocation line. Screw dislocations result when planes are displaced 

relative to each other through shear. In this case, the Burgers vector is parallel to the 

dislocation line [76]. A mixed type dislocation is a part of screw and a part of edge, and has 

displacement component along the dislocation and in the plane perpendicular to Ɩ.  
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The density of TDs can be measured directly by TEM. Additionally, defect selective etching 

can be combined with atomic force microscopy (AFM), where the number of etched pits 

displayed on the AFM scanned image is used to disclose the etch pit density (EPD) [50]. 

Some solutions have been used to carry out the defect selective etching or so called orthodox 

etching, such as molten salts (KOH+NaOH), hot acids (H2SO4, H3PO4), and vapour phase 

HCl [50,77]. However, these processes are destructive. Several non-destructive methods have 

been developed to estimate the dislocation density. These include XRD rocking curve 

analysis, which is widely applied technology to evaluate the crystalline perfection of epitaxial 

layers, and cathodoluminescence (CL) which examine the threading dislocation density by a 

non-radiative process showing dark spots on CL. 

 

Figure 2.10: (a) schematic showing the hexagonal unit cell with direction indices and (b) the three types of 

dislocation observed in c-plane (0001) and a-plane (𝟏𝟏�̅�𝟎) group-III nitride system, Burger vectors for 

the screw (c), edge (a) and mixed (a+c). 

 

2.3.2.3 Dislocation reduction 

In order to develop more effective methods to reduce the threading dislocation densities 

(TDDs) in heteroepitaxial films, it is important to understand the characteristic of dislocation 

movement during growth. Generally, there are two types of dislocation movement. Glide 

(slip) or conservative motion [Figure 2.11(a)], in which the dislocation moves in the plane 

which contains both its dislocation line and the Burgers vector. The second process is climb 

𝒍  dislocation 

line 

Burgers 

vector 

(a) 
(b) 

[0001] 

[�̅��̅�𝟐0] 

[2�̅��̅�0] 

[�̅�𝟐�̅�𝟎] 

[𝟏�̅�𝟎𝟎] 

c 

a 

a+c 

a 

c 

a+c 
[𝟎�̅�𝟏𝟎] 

[𝟏�̅�𝟏0] 
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or non-conservative motion [Figure 2.11(b)] in which the dislocation moves out of the glide 

plane and normal to the Burgers vector [78]. However, previous studies have pointed out that 

the favourable slip systems in the wurtzite structure would be 1/3< 112̅0 >(0001), 

1/3<112̅3̅>{112̅2̅}, and possibly 1/3<112̅0̅>{101̅0}, which are unlikely to be activated since 

most threading dislocations in c-plane GaN and AlN are oriented along the [0001] direction 

[79,80,81]. The Cambridge group has shown evidence for dislocation climb in GaN and AlN 

films grown on c-sapphire, because the absence of suitable slip systems, and in-plane shear 

stresses imply that glide is unlikely to occur, while point defect concentrations at growth 

temperatures appear to be at equilibrium [82, 83]. Therefore, dislocations move primarily by 

vacancy-assisted climb, which appears to be driven by the high in-plane biaxial stresses 

present during growth. On the other hand, annealing GaN and AlN films promotes 

dislocation climb and thus potentially reduces both dislocation densities and in-plane stresses 

at high temperature.   

 

Figure 2.11: Movement of an edge dislocation with the Burgers vector b. The dislocation line is 

perpendicular to the diagram plane. (a) Dislocation glide: A dislocation moves to the right and eventually 

vanishes at the crystal surface. The arrows indicated the applied shear stress and the dashed line marks 

the glide plane. (b) Dislocation climb: the vacancy in the lattice diffuses to the dislocation, producing a 

climb of the dislocation [84]. 

It was observed that the number of dislocations decreases with increasing layer thickness due 

to dislocation interaction [85, 86, 87, 88]. This means that parallel dislocations can interact, 

when the distance between them is within the range of a few tens of nanometers (e.g. high 

density of dislocations). Dislocation line directions should be inclined, promoting interaction 

between different types of dislocations. 
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Another dislocation reduction mechanism is dislocation bending. The bending of TDs 

behaviour has been observed in epitaxial lateral overgrowth (ELOG) and nanorods (NRs) at 

the sidewalls or voids [89, 90, 91, 92]. In the vicinity of such a facet the dislocation can 

minimize its energy when the dislocation line can bend from the original threading c-

direction towards the normal of the side facet by the bending angle. Therefore, it can reduce 

the TD density resulting in dislocation-free regions in the upper part of the film. 

 

2.3.3 Inversion domains (IDs)  

The Wurtzite Group-III nitride crystal structure lack a centre of symmetry, therefore an 

epilayer grown on c-plane sapphire can have two different polarities, named as [0001] for 

group-III or [0001̅] for nitrogen (N). Group-III nitride epilayers grown along the [0001] 

direction have alternating layers of group-III atom(s) and N atom(s) that are connected with 

each other either by the three bonds between these atoms (inclined toward the growth 

direction) or by the single bond parallel to the growth direction. A single bond is always 

easier to break than the three bonds, therefore the atom on the surface from which a single 

dangling bond points upward (along growth direction) determines the growth polarity [93]. 

The polarity of group-III nitrides is particular important for the development of III-nitrides 

application, which can strongly affect the surface structure and chemistry of materials [94, 

95]. 

An IDs is defined as a region of group-III nitrides with the opposite polarity to the primary 

matrix as schematically depicted in Figure 2.9, where one section is group-III polarity and 

other section is N polarity. The boundaries between them are called inversion domain 

boundaries (IDBs). Such IDs have been observed in III-nitride epitaxial materials due to issue 

at the substrate-epilayer interface leading to localised areas of group-III and N polarity 

material forming with vertical or inclined IDBs and with diameters ranging from few to tens 

of nanometers have been observed [96, 97, 98, 99, 100]. Such issue can lead to rough 

surfaces due to the difference of growth rates of these two faces [98].  

Simple methods to recognize the presence of IDs include using KOH based etching due to 

different etching rate in N- and group-III polar materials and scanning electron microscopy 

(SEM) [101,102,103]. The nature of the defects can be determined using transmission 

electron microscopy (TEM) and convergent beam electron diffraction (CBED) modelling to 

interpret the images [93]. 
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Figure 2.12: Schematic of two theoretical group-III nitrides IDB models. (a) Cross-sectional view top in 

the [�̅�110] projection and its corresponding top-down view (bottom), where the IDB is on the (0�̅�10) plane. 

(b) Cross-sectional view (top) in the [0�̅�10] projection and its corresponding top-down view (bottom), 

where the IDB is on the (�̅�110) plane (reorganize image [104]). 
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3 
The Principles of MOVPE and 

Experimental Techniques 

An Aixtron Close Coupled Showerhead (CCS) 3×2 Flip-Top (FT) metal-organic vapour 

phase epitaxy (MOVPE) reactor equipped with an in-situ optical reflectivity monitor 

(ORS/LayTec) was used to grow the group-III nitride materials reported here. Ex-situ 

characterisation techniques with the capabilities of extracting structural, compositional, 

electrical and optical properties from the samples at appropriate scale ranges are extremely 

important to understand the material growth. The film crystallinity is mainly analysed x-ray 

diffraction (XRD). The surface morphologies are investigated by Nomarski microscopy and 

atomic force microscopy (AFM). Photoluminescence (PL) is used to characterize the optical 

properties. For electric properties, electrochemical capacitance voltage (ECV) and Hall 

measurements (Hall) are used to determine the doping type, doping concentration and carrier 

mobility of n- or p-type samples. In this chapter, the basic principles of MOVPE will be 

briefly described. Furthermore, the principles of all characterization methods applied in this 

work are summarized. 

3.1 MOVPE reaction 

MOVPE is a type of chemical vapour deposition which has been applied both to academic 

research and to an impressive array of commercial devices including light emitting diodes, 

lasers, transistors, photodetectors and solar cells. It is based on the chemical vapour transport 

of the precursors and subsequent reactions of metal-organic precursors [organic radical (R) + 

group-III metal (M), e.g. tri-methyl Ga, In, Al, etc.] and hydrides [hydrogen compound of 

group-V (EH), e.g. NH3, etc.] on a heated substrate producing single or polycrystalline thin 

films which finally establishes the equilibrium of the system. A general reaction to grow 

group-III nitride material can be simply written as follows, 
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                                             R3M (g) + NH3 (g) → MN (s) +3RH (g)                                  (3.1) 

MOVPE requires carrier gas (H2 or N2) to transport precursor molecules from bubblers to 

undergo decomposition reactions at the heated zone of the susceptor. Resulting species 

diffuse from a boundary layer to the surface and absorb on the surface. They will diffuse 

along the surface before the final incorporation (absorption) reactions at favoured energy sites 

such as edges, kinks and steps on the surface and the resulting product will be incorporated 

by forming a new bond to grow the film. Also, the species can desorb from the surface or 

react with other surface species. Gaseous by-products desorb from the surface and diffuse in 

the carrier gas away from the deposition zone towards the reactor exhaust. The steps of the 

MOVPE growth process are shown in Figure 3.1. The major variables in MOVPE are the 

ratio of group-V and group-III flows, the magnitude of those flows, total flow rates, the 

growth temperature, the reactor pressure and the type of carrier gas which all together 

determine the deposition rate and the properties of the epitaxial film. Doping of Al1-xGaxN is 

achieved using silicon for n-type and magnesium for p-type, which are supplied using 

disilane (Si2H6) and bis-cyclopentadienyl magnesium (Cp2Mg), respectively.  

 

Figure 3.1: Schematic of chemical vapour deposition reaction steps. 
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3.2MOVPE system 

An MOVPE system consists of three main parts: (1) metal-organic (MO) precursor and gas 

handling system, (2) reactor chamber and (3) exhaust scrubbing system. Figure 3.2 is a basic 

diagram of an MOVPE system. 

 

Figure 3.2: schematic of MOVPE system with three major parts. 

3.2.1 MO precursor and gas handling system 

The MO precursor and gas handling system controls the supply of precursors to the reactor 

chamber. For the growth of group-III nitride material, the MO precursors include trimethyl-

gallium (TMGa), trmethyl-aluminium (TMAl) and trimethyl-indium (TMIn) as group-III 

sources and ammonia (NH3) as the nitrogen source. Furthermore disilane (Si2H6) gas diluted 

in helium (He) is used as a Si doping source and biscyclopentadienyl-magnesium (Cp2Mg) is 

frequently used as the Mg doping source. However, unpredictable Mg concentration profiles 
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may greatly vary after the reactor has been perturbed or even from run to run, which is 

associated with the Mg memory effect [1, 2].  

MO precursors are supplied in stainless steel containers called bubblers in which material is 

picked up by an injection gas. The bubblers are maintained in thermostatically controlled 

baths at a constant temperature ideally between the precursor’s melting and boiling points. 

This can exactly control the vapour pressure of the MO precursors. For example 0 °C for 

TMGa and 20 °C for TMAl. The schematic of typical TMGa and TMAl bubblers are shown 

in Figure 3.3. On the other hand, TMIn bubbler design uses a solid indium precursor with a 

porous structure to increase the surface area and increase the sublimation rate. An Epison 

controller is used to monitor the concentration of TMIn in nitrogen, as shown in the Figure 

3.4. This device allows the measurement of the composition of a gas at constant temperature 

by measuring the speed of sound (V=d/ΔT) through it, done by passing a sound wave though 

using ultrasonic transceiver. 

The mass flow controller (MFCs) and pressure controllers (PCs) are located in the gas mixing 

cabinet and control the accurate flow rate of MO precursors into reactor chamber. The vapour 

partial pressure of MO precursor depends on bubbler temperature and the relation can be 

expressed by the Antoine equation [3]:   

 𝑃𝑀𝑂 = 10(𝑎−
𝑏

𝑇
) ×

1013.25

760
𝑚𝑏𝑎𝑟                                          (3.2) 

Where a and b are vapour pressure constants depending on the MO precursor, T is the 

bubbler temperature. Table 3.1 gives the values of parameters a and b for common MO 

precursors and the bath temperature used in these studies. 

The molar flow rate of MO precursors flow into the reactor chamber controlled by the MFCs 

given in unit of standard cubic centimetre per minute (sccm) is regulated by the molar 

fraction of MO vapour resulting from changing the MO vapour partial pressure. With raising 

bubbler temperature, the MO vapour pressure increases according to equation (3.2). The 

molar flow rate of metal-organic precursors through MFCs can be expressed as ideal gas 

mixtures law,  

𝐹𝑀,𝑀𝑂 = ( 
𝐹𝑉,𝑖𝑛𝑗𝑒𝑐𝑡𝑖𝑜𝑛 𝑔𝑎𝑠

22.4×103 𝑐𝑚3
) ×

𝑃𝑀,𝑀𝑂

𝑃𝑡𝑜𝑡𝑎𝑙
                                  (3.3) 

Where FM, MO is the molar flow rate (mol/min) of the MO precursor, FV, injection gas is the 

volume flow rate of the injection gas (in sccm), PM,MO and Ptotal are the vapour partial 

pressure of the MO precursor and the total pressure of the gas mixture (in mbar). 
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Figure 3.3: The schematic of Standard MO source (left) and Double Dilute MO source (right). 

 

Figure 3.4: A schematic of the operating principles of an EPISON gas flow controller [4]. 

. 

At the end, the injection and carrier gas can be switched between nitrogen (N2) and hydrogen 

(H2) depending on the process requirement. In order to prevent pre-reactions occurring, 
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group-III and group-V precursors are transported separately to the reactor chamber (Run MO 

and Run Hydride lines) where a heated substrate is placed to form a layer from the precursors. 

For each run line, there is also a corresponding vent line which leads the process gas 

bypassing the reactor into the vacuum system. As a result the flows are pressure-wise control 

in order to avoid pressure compensation reactions during the switching operation between run 

and vent lines. 

 

Formula a b (K) 

Melting 

Temperature 

(°C) 

Bubbler 

temperature 

(°C) 

Vapour partial 

pressure 

(mbar) 

TMGa (CH3)3Ga 8.07 1703 -15.8 0 89.4 

TMAl (CH3)3Al 8.22 2134 15.4 20 11.5 

TMIn (CH3)3Al 10.52 3104 88 25 3.4 

Cp2Mg (C2H5)2Mg 4198 25.14 176 20 0.028 

Table 3.1: Physical properties of common MO precursors for MOVPE [5, 6] 

 

3.2.2 Reactor chamber 

The reactor chamber is a container made of stainless steel and quartz, which includes 

showerhead, susceptor, heater and chamber exhaust. A schematic of reactor chamber is 

shown in Figure 3.4 (a). This showerhead reactor takes advantage of the vertical geometry 

where MO precursors and NH3 are separately fed into the reactor to prevent pre-reaction, see 

Figure 3.4 (b).  

In the reactor chamber, wafers are placed onto a wafer carrier, called the susceptor. The 

wafers are held very close to the showerhead where its spacing is normally set to 11 mm. The 

susceptor is generally a graphite disk with an approximately 100 μm SiC coating. It is located 

on top of the susceptor support, which rotates in a clockwise direction to ensure 

homogeneous temperature and enhance the layer homogeneity during the growth. NH3 would 

attack and react with the inner graphite during high temperature and hence result carbon 
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impurity pollution [C+NH3→HCN+H2 (>1000 °C)] [7]. Thus, the SiC coating plays an 

important role for protection against corrosion and oxidation. 

 

Figure 3.4: (a) Schematic diagram of AIXTRON CCS 3×2FT system and (b) cross section of showerhead 

(Courtesy of AIXTRON Ltd.). [8] 

The system temperature is directly controlled by a three-zone heater, consisting of three 

independently powered sets of coils to obtain uniform temperature, made of tungsten rhenium 

(example shown in Figure 3.5). The reactor is cooled by a water recirculating system. 

 

Figure 3.5: The image of tungsten heater (left) and the three parts designation of the heater coils (right) 

(Courtesy of AIXTRON Ltd.). [8] 
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3.2.3 Exhaust scrubbing system 

The exhaust scrubbing system of an MOVPE system has two important functions: (1) 

maintaining a steady state pressure condition in the reactor chamber during process and (2) 

removal of unused precursors and by-products of the reaction from the chamber.  

Typical growth pressure for nitride-based devices is range from 50 to 500 mbar due to 

material properties and the limitations of the reactor. For sub-atmospheric pressure growth, 

vacuum pump and pressure controllers are required to control the growth pressure during 

process. The reactor system is equipped with an exhaust filtration system which can protect 

the vacuum pump from large particles. Gases exhausted from the growth chamber or vent 

line flow through the replaceable filter and the vacuum pump into a scrubber system for 

effluent treatment. 

 

3.3 In-situ optical reflectivity monitor 

An Optical Reference Systems (ORS) (used for samples NT0001 to NT0247) / LayTec 

(measured samples starting from NT0248) optical instrument has been used for in-situ 

monitoring the epitaxial growth during the MOVPE process. The system is designed to 

measure the reflectance and temperature during the thin film deposition process. 

The ORS EpiEYE
®

 is a triple wavelength laser reflectometer (operating at 405nm, 635nm 

and 950nm) and emissivity corrected pyrometer (operating at the same wavelength as the 

infra-red reflectometer). LayTec EpiCurve
®
 TT system combines measurements of 

temperature (pyrometry wavelength and bandwidth 950±1 nm), reflectance at three 

wavelengths (LED reflectometer operating at 405±5 nm, 633±1 nm and 950±1 nm) and wafer 

curvature measurements with a double beam laser (light source for curvature measurements 

compact two 656 nm semiconductor lasers) in one tool. 

For optically smooth films growing at a constant rate and exhibiting minimal absorption, it is 

well known that thin-film interference (also can be described by Fabry–Perot interference) 

causes periodic variations in the intensity of reflected light. The relation between the growth 

rate (G), film refractive index (n), period of reflectance oscillations (P), and monitoring 

wavelength (λm) [9], 

                                                                      𝐺 =
𝜆𝑚

2𝑛𝑃
                                                           (3.4) 
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The thickness of the layer (d) which is grown during one oscillation (from peak to peak or 

from trough to trough) of the reflectometer curve can be approximately calculated using the 

following equation.  

𝑑 =
𝜆𝑚

2𝑛
                                                            (3.5) 

The refractive index of III-nitrides shows a dependence on temperature, which is known as 

thermo-optic effect [10]. These indices can be estimated by Laytec software according to the 

growth temperature and detection wavelength used to examine the growing layer. Hence, the 

in-situ reflectometer can provide information on any change of growth environment 

(temperature, pressure, fluxes rate) that affects either growth rate (change of oscillation rate) 

and/or surface roughness (change of oscillation amplitude) with time.  

It is worth noting that the detectable wavelength of light or laser should be longer than 

absorption wavelength of the epitaxial layers. For example, the GaN layers are observed to 

absorb light at 405 nm causing oscillations to disappear. Since the growth temperature for the 

GaN is above 1000 °C, the bandgap of GaN shrinks below 2.8 eV according to the Varshni 

equation [11, 12],  

𝐸𝑔(𝑇) = 𝐸𝑔(0) −
𝛼𝑇2

𝛽+𝑇
                                             (3.6) 

where Eg(0) is the bandgap at 0 K, α is the T → ∞ limiting value of the bandgap shrinkage 

coefficient dEg(T)/dT and β is a material specific parameter. Typical values of Varshni 

coefficients can be found in Reference [11]. Meanwhile, the light intensity as a function of 

depth (x) into the epitaxial layer can be described as  

 

       𝐼(𝑥) = 𝐼0𝑒
−𝛼𝑥                                                  (3.7) 

where I0 is the incident intensity and α is the absorption coefficient. Typically, the majority of 

light is absorbed as the thickness of GaN above 100 nm, if the photon energy exceeds the 

material’s bandgap. 

Figure 3.6 shows the ORS in-situ reflectance curves obtained from two different AlN growth 

runs. The oscillations of the AlN-1 have almost equal amplitude and the curve is horizontally 

aligned. It is an indication of the growing epilayer surface remaining optically flat. The AlN-

2 has an overall downward slope and the amplitude of the oscillations is also decreasing, 
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which is called damping. This is an indication of increasing roughness of the grown epilayer 

surface. 

The comparison of reflectance measurement between ORS and LayTec is shown in        

Figure 3.7. A strong damping behaviour was invariably observed in LayTec LED-based 

reflection measurement at 405 nm during AlN growth, because the broad spectral halfwidth 

(∆λ) of the violet LED leaded to constructive interference for different parts of spectrum 

occur at different thicknesses. However, the damping behaviour was not observed in ORS 

laser-based system due to small ∆λ. On the other hand, AFM images indicated that the root-

mean square roughness (RMS) of AlN was only around 0.4 nm which was consistent with 

Laytec red reflectivity  (635 nm) and ORS both reflectivities. Furthermore, high noise 

reflectance signal was found when used ORS due to laser stability issue.  

 

  

Figure 3.6: ORS in-situ reflectance curves obtained from two different AlN growth runs by 405 nm laser 

signal. 

Wafer curvature measurements monitor the distance between two laser spots of reflected 

laser beams, which can be converted to a curvature value by this expression [13], 

𝐾 =
1

𝑅
≈

𝑑0−𝑑

2𝑑0∙𝐿
                                                            (3.8) 

where d0 is the initial distance between the two incident laser spots [see Figure 3.8 (a)], d is 

the distance between the two laser spots of the reflected laser beams, and L is the optical path 

length of the laser beam. The relationship between the curvature radius and the bow can be 

converted with the formula, 
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𝑏 = 𝑅 ∙ (1 − 𝑐𝑜𝑠
𝑟

𝑅
)                                                        (3.9) 

Where K is the curvature value (m
-1

), R is the curvature radius (m), r is wafer radius and b is 

the bow.  During the growth process curvature may be changed due to vertical temperature 

gradient, lattice mismatch and thermal stress (thermal expansion different). The definitions of 

curvature are shown in Figure 3.8. In situ wafer bow trace data were collected using the 

LayTec Epicurve
®
TT system. More curvature studies of group-III nitride materials during 

growth will be shown and discussed in following chapters.  

Figure 3.7: The comparison of reflectance measurement between ORS and LayTech obtained from two 

different AlN growth runs by 405 and 635 nm laser (left, ORS) or LED (right, LayTec) signals. 
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Figure 3.8: Wafer curvature definitions: (a) Flat, (b) Concave and (c) Convex. 

 

3.4 Ex-situ Layer Characterization 

In order to improve growth process, ex-situ characterization techniques are employed in 

addition to in-situ characterization. Characterization techniques used in this thesis will be 

presented in detail in the following section. 

3.4.1 Nomarski interference contrast microscopy 

Nomarski interference contrast (NIC) microscopy is widely applied in evaluation of 

semiconductor layers and devices, it also known as differential interference contrast (DIC) 

microscopy or a polarization interference contrast microscopy. After growth, the micro scale 

surface morphology of the nitride materials can be directly inspected with using Olympus 

BX51M Microscope, as well as for locating defects using suitable chemical etching. 

The Figure 3.9 shows a schematic of Olympus microscope. The light source is split into two 

parallel beams when it passes through a Wollaston prism. If two beams have the same path 

length then they will be in-phase and there will be no contrast. However, if there is an optical 
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path difference, here caused by a local difference in the samples surface height then there will 

be a phase difference between the beams and this will be revealed as contrast by the system. 

Pits, defects and cracks will stand out clearly in this interference contrast. The optical 

microscope resolution (d) is given by Abbe’s law in the formula [14] 

𝑑 =
0.612𝜆

𝑛𝑠𝑖𝑛𝜃
=

0.612𝜆

𝑁𝐴
                                                    (3.10) 

Where λ is the wavelength used to illuminate an object, n is a refraction index of the medium 

through which λ travels, and θ is an aperture angle. The maximum resolution that can be 

achieved using blue-green light (λ is approximately 550 nm) incorporated into the Nomarksi 

optical microscope used in this thesis is approximately 370 nm (NA=0.9). 

 

Figure 3.9: Schematic of Olympus BX51M Microscope [15]. 
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3.4.2 Atomic force microscopy (AFM)  

Atomic force microscopy (AFM) can be used to measure and create images of surface 

morphology with a three-dimensional picture. A surface image is produced when the 

microscopic tip contacts over the surface of the sample and interaction between the tip and 

the sample lead to a deflection of the cantilever due to Hooke’s law. The deflection is 

monitored by using a laser beam reflected off the back of the cantilever into sensitive 

photodetector. A schematic of AFM is shown in Figure 3.10. 

 

Figure 3.10: The basic operating principle of AFM. The sample is scanned with a sharp tip, which is on a 

cantilever. The deflection of the cantilever is measured with a laser beam. 

In general, three scanning modes are available depending on the physical contact between the 

tip and the sample surface: contact mode, tapping mode (intermittent contact mode) and non-

contact mode. The contact mode is the most common method which known as repulsive 

mode due to the associated force between the tip and the sample. An AFM tip gradually 

approaches the sample surface until the atoms are in contact. The cantilever will bend to keep 

the tip away from the surface due to repulsive Van der Waals forces between the tip and the 

atoms. However, the disadvantages of the contact mode are probable surface damage and 

lateral force due to the changes in friction and slope.  

In our study, the surface morphologies of samples are investigated using tapping mode which 

consists of oscillating the cantilever near its resonance frequency. The resonance frequency 

changes when tip is brought closer to the sample surface due to change of effective spring 

constant of the cantilever is changed. It is described by the formula [16] 
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ω = ωo√1 −
1

κ

dF

dz
                                                    (3.11) 

Where dF/dz is the force gradient, this allows the local electrostatic forces to be monitored by 

(for a constant cantilever drive frequency) observing changes in either the amplitude or phase 

of the cantilever vibration. These vertical tip movements are recorded to produce a AFM map 

of surface topography. Better resolution can be achieved by optimising the amplitude setpoint. 

Surface features can be observed by AFM which may include surface roughness, growth 

mode changes and threading dislocation density. By counting the number of growth step 

termination defects at the surface, the mixed type and pure screw type dislocation density 

could be estimated [17]. However, the series of artifacts can affect the quality of images 

which include the tip, the scanner, vibrations, the feedback circuit and image-processing 

software. For example, the image resolution can be worse if the tip becomes blunt or acquires 

dust during scanning. Avoiding this tip artifact is achieved by changing the tip. 

AFM was performed on a Veeco Multimode Scanning Probe Microscope (SPM). A better 

laser signal is achieved by optimising the photodiode and laser adjustment knobs before 

scanning, which are shown in Figure 3.11. Meanwhile, a slow scan rate and low amplitude 

set-point (distance between the tip and surface) are recommend to minimise tip damage and 

obtain good feedback.   

 

Figure 3.11: Veeco MultiMode SPM and Scanner head (front and back views) [18]. 
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3.4.3 X-ray diffraction (XRD) 

All XRD measurements were performed in the PANalytical X’Pert x-ray diffractometer using 

Cu Kα1 radiation of wavelength = 1.54056 Å. A typical simple diffractometer consists of a 

source of x-ray radiation, an incident beam hybrid monochromator (a hybrid 2-bounce 

asymmetric Ge (220) monochromator) to offset the x-ray beam (filter out extraneous 

wavelengths), slits to adjust the shape of the beam, an automatic beam attenuator (can be 

utilized to extend the dynamic range of the system and protect the detector, a sample stage 

with magnetic sample holder (high accurate goniometer for find adjustment of the sample 

position and orientation), analyser (3-bounce symmetric analyser crystal) to accept an angular 

range of about 0.003° and a detector to collect diffracted x-rays. It is shown in the following 

Figure 3.12. 

Figure 3.12: Illustration and photograph of a tipical experimental arrangement showing, from right to 

left, X-ray tube, mirror, hybrid monochromator, sample, analyser and detector. 
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From the diffraction patterns of the reflected x-ray beam after interacting with a crystalline 

sample, information on lattice parameter, composition, uniformity of epitaxial layers, layer 

thickness, strain state, relaxation state and the crystal quality according to their crystal 

orientations can be obtained. In principle, the diffraction of x-rays is described by the Bragg 

law, 

𝑛𝜆 = 2𝑑ℎ𝑘𝑙𝑠𝑖𝑛𝜃𝐵                                                      (3.12) 

Where n is an integer, λ is the x-ray wavelength, dhkl is the distance between each hkl plane in 

the atomic lattice and 2θB is the angle between the incident x-ray and the diffracted x-ray or 

the detector.  

3.4.3.1 Lattice parameter measurements, strain and alloy composition 

The method studied herein utilized relative measurements to determine the lattice parameters 

on the c-plane of group-III nitride crystals. These measurements not only provide information 

of lattice parameters a (in-plane) and c (out-of-plane), but also strain and alloy composition 

of the epilayers.  

The incident beam angle (ω) is equal to half detected beam angle (θ) which is known as 

symmetric scan. Usually, multiple symmetric reflections (0002, 0004 and/or 0006) are 

measured (giving d0002, d0004 and/or d0006) in order to confirm the accuracy of lattice 

parameter. By the measured 2θ position with ω-2θ scans in the triple-axis configuration, 

spacing d and c lattice parameter are obtained by, 

𝑑0002 =
𝑐0002

2
∙
𝑎𝑛𝑑

𝑜𝑟
𝑑0004 =

𝑐0004

4
                                       (3.13) 

Using d0002 and d0004 find average c lattice parameter. Then one or two asymmetric reflections 

(101̅5, 202̅4 and/or 202̅5) are measured to determine a lattice parameter. The asymmetric 

scans also named as offset scan in which ω is not equal to θ. (ω-θ) is called the offset. With 

the measured 2θ position from reciprocal space maps (RSM), spacing d and a lattice 

parameter finally obtained by,  

                                      𝑑105 =
1

√
4

3
(
12+1×0+52

𝑎2 )+
12

𝑐2

 and/or 𝑑204 =
1

√
4

3
(
22+2×0+42

𝑎2 )+
22

𝑐2

              (3.14) 

The determination of the alloy composition is based on a unique relationship between the 

lattice parameter and the composition. If epilayer is assumed to be fully relaxed grown on 
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substrate, Vegard’s law is usually applied. Strain-free AlxGa1-xN layers should be depend 

linearly on the composition,  

𝑐𝐴𝑙𝐺𝑎𝑁 = 𝑐𝐺𝑎𝑁(1 − 𝑥) + 𝑐𝐴𝑙𝑁𝑥                                                (3.15) 

𝑎𝐴𝑙𝐺𝑎𝑁 = 𝑎𝐺𝑎𝑁(1 − 𝑥) + 𝑎𝐴𝑙𝑁𝑥                                               (3.16) 

However, biaxial strain is generally assumed for the group-III nitride materials [19], which 

cause a distortion of the hexagonal unit cell and a change of the c/a ratio, illustrated in Figure 

3.13. For a simple biaxial strain in a hexagonal system the out-of-plane strain εzz is related to 

the in-plane strain εxx by the distortion factor D [20, 21], 

𝜀𝑧𝑧 = −𝐷𝜀𝑥𝑥 = −
2𝜐

1−𝜐
𝜀𝑥𝑥 = −

2𝐶13

𝐶33
                                         (3.17) 

Where υ is the Poisson ratio and C13 and C33 are the components of the elastic stiffness tensor. 

Substituting for strain,  

       
c−c0

c0
= −

2υ

1−υ

a−a0

a0
                                                          (3.18) 

Where a and c are the measured lattice parameters and determined through previous average 

calculation, a0 and c0 are the relaxed lattice parameters, respectively. For Poisson’s ratio as a 

first-order approximation, a linear relationship is applied, 

   𝜐𝐴𝑙𝐺𝑎𝑁 = 𝜐𝐺𝑎𝑁(1 − 𝑥) + 𝑣𝐴𝑙𝑁𝑥                                       (3.19) 

The reference lattice parameters and Poisson ratio for group-III nitride materials used in this 

study are summarized in table 3.2. Equations (3.17) and (3.18) are combined and the solution 

is usually obtained iteratively. The alloy composition can be obtained by solving cubic 

equation of one unknown,  

                                                            Ax
3
+Bx

2
+Cx+D=0                                                 (3.20) 

Where A, B, C and D are the constant coefficients. Once composition is known, relaxed 

lattice parameter values can be found from Vegard’s rule. Relaxation is then determined 

according to the following expression, 

                                                                𝑅(%) =
𝑎−𝑎𝑠

𝑎0−𝑎𝑠
× 100                                          (3.21) 

Where a is the measured lattice parameter, as is the substrate or template lattice parameter, 

and a0 is the fully relaxed lattice parameter. 
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 Lattice parameter (Å) Poisson ratio 

InN 
a=3.540 

0.272 
c=5.705 

GaN 
a=3.189 

0.183 
c=5.185 

AlN 
a=3.111 

0.203 
c=4.981 

Table 3.2: Summary of lattice parameters and Possion ratio for group-III nitride materials [19, 22, 23, 24]. 

 

 

Figure 3.13: Hexagonal unit cell under biaxial compressive strain. 

 

3.4.3.2 Omega rocking curve  

The crystal quality of group-III nitride materials can be characterized by the line width of 

XRD rocking curve measurements (ω scans), for example as the full width at half maximum 

(FWHM). The type of dislocation information can be extracted from symmetric or 

asymmetric rocking curves using open detector (without analyser), whereby the detector 

remains stationary at 2θ and the sample is rotated about the ω axis. 

There are major two parts which govern the crystal quality of the epilayer structure: (i) tilt, ω 

scans of (000l) planes are used to measure the lattice tilt from mixed or screw dislocations 

and (ii) twist is caused by edge and mixed dislocations and is usually measured with ω-scans 
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of off-axis reflections [25, 26]. Screw and edge TD densities can be estimated using several 

well-known empirical formulas from Kurtz et al. [27], Dunn and Koch [28] and Kaganer et al 

[29]. However, XRD rocking curve measurements is broadened not only by angular rotation 

at dislocations, but also lattice strain at dislocations, limited correlation lengths and strong 

bow of the samples [23, 30]. To distinguish between the different contributions to the 

broadening, a reduced beam size is required with point focus or divergence silt. 

Unfortunately, extremely low detected intensity is observed in point focus setup for our 

facility. In general, omega rocking curve measurement can qualitatively state that the smaller 

the FWHM value, the smaller is the number of structural disturbances in the material 

measured. 

 

3.4.3.3 Reciprocal space map (RSM) 

Symmetric (0004) and asymmetric (101̅5) reciprocal space map (RSM) measurements were 

performed to study the structural properties of epilayers such as strain relaxation, group-III 

alloy composition and structural quality in grown samples of mismatched materials. A 2-axis 

RSM is obtained by measuring a series of ω/2θ scans each for a sequence of ω offset values. 

The shape and positions of reciprocal lattice spots, a colour bitmap, or the intensity contour 

plots are also able to reveal more information. The horizontal and vertical positions of the 

reciprocal lattice spots have been found to yield information about the in-plane (a) and out-

of-plane (c) lattice parameters, respectively. The narrow width of the lattice spot of the layer 

vertically aligned with that of the substrate indicates a high quality epitaxial layer. On the 

other hand, for the broader and wider lattice spot means to a structurally less uniform layer or 

low quality with high misorientations. The vertical elongation and interference fringes are 

due to the small finite layer thickness of superlattice or quantum well structures.  

The AlxGa1-xN of the RSM of (101̅5) asymmetric reflection measured by asymmetrical XRD 

is shown in Figure 3.14 with diffraction space units. This measurement was performed to 

investigate the strain state, variation of composition, lattice parameters and mismatch of 

AlxGa1-xN layers grown on AlN buffer layers. The diffraction space coordinates (Qx, Qz) are 

expressed with reference to the angular position as follows [31]: 

𝑄𝑥 =
1

2
(𝑐𝑜𝑠𝜔 − 𝑐𝑜𝑠(2𝜃 − 𝜔))                                               (3.22) 

𝑄𝑧 =
1

2
(𝑠𝑖𝑛𝜔 + 𝑠𝑖𝑛(2𝜃 − 𝜔))                                                (3.23) 
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Figure 3.14: ω/2θ versus ω map presented in 𝟏𝟎�̅�𝟓 reciprocal space units against intensity, which is 

determined the lattice parameters and strain state. The respective peaks originate from the AlN and 

AlGaN.   

 

3.4.4 Photoluminescence (PL) 

Photoluminescence (PL) spectroscopy is a non-destructive tool for investigating both intrinsic 

and impurity related electronic transitions of semiconductor materials. The PL spectrum is 

obtained by recording the emission as a function of wavelength. The sample is excited using 

a laser or other source that has a photon energy above the sample bandgap. Thus electron-

hole pairs are generated since electrons are excited from valence band (VB) and leaving holes 

behind. At the bottom of the conduction band (CB), electrons can recombine via two main 

recombination processes, each emitting energy by photon and/or phonons. 

The quantity or intensity of the emitted light from epilayer is related to the relative 

contribution of the radiative process. Radiative recombination which includes band to band 

recombination, free exciton emission and emission related to dopants. On the other hand, 

non-radiative recombination has Auger recombination, surface recombination and 

recombination at defects, as illustrated in Figure 3.15.  

Group-III nitride materials may emit below band edge energy light due to optical transition 

between shallow-level or deep-level defects in the crystal structure. The photoluminescence 

energy associated with these levels can be used to identify specific defects, and the amount of 
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photoluminescence can be used to crudely estimate their density. The native defect 

luminescence most often observed appear at about 2.2 eV and 2.9 eV in undoped GaN, 

referred to as the yellow luminescence and blue emission, respectively [32]. More 

information concerning the defect luminescence measurements of AlGaN will be discussed in 

Chapter 5. 

 

Figure 3.15: Typical group-III nitride materials recombination processes. (e, h) strand for free electrons 

and holes respectively. The following recombination are considered: (1) band to band emission, (2) free 

exciton, (3) dopants related emissions, (4) Auger recombination and (5) defect level transition. 

In this work, the second harmonic (244 nm, 50 mW) of a CW Ar-ion laser is used for 

excitation of photoluminescence in the studied samples. In the optical setup this light is first 

focused onto a sample surface, then photoluminescence from the sample is collected by a pair 

of lenses on imaging spectrometer entrance slits and then recorded by a charge coupled 

device (CCD) camera.  A closed-cycle helium cryostat is used to control temperature in the 

range from 10 to 450 K thus allowing temperature dependent PL measurements. 

Photoluminescence excitation spectroscopy (PLE) is also applied to investigate absorption 

processes in luminescence. The detection wavelength is fixed and the excitation wavelength 

is scanned. It allows the absorption spectrum to be measured because the signal strength is 

simply proportional to the carrier density, and in turn is determined by absorption coefficient 

[33]. 
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3.4.5 Electrochemical capacitance voltage (ECV) 

The common doping profile measurement methods include spreading resistance profiling 

(SRP), secondary ion mass spectroscopy (SIMS) and electrochemical capacitance voltage 

(ECV). These techniques are compared in Table 3.3. In contrast with other techniques, the 

ECV method provides only the electrically active dopants and has a depth resolution in the 

sub-nm range, which also has easy sample preparation. The ECV wafer profiler CVP21 from 

WEP was employed in all experiments. 

Application requirement SRP SIMS ECV 

The concentration of electrically activated 

dopants 
Ο × Ο 

Doping type (n or p type) × × Ο 

Depth resolution in the 1nm range possible × Ο Ο 

Table 3.3: The comparison of SRP, SIMS and ECV. 

In a CV measurement, a semiconductor is placed in contact with a metal, the diffusion of 

surface conduction carriers into the metal leads to depletion of carriers at the semiconductor 

interface. This type of interface is known as a Schottky barrier [34]. In ECV, an electrolyte is 

chosen which can replace the metal to form a Schottky barrier, wetting an area of 1 mm² 

delimited by a sealing ring. In reverse bias condition, this interface acts as a Schottky-like 

contact and with common CV technique the concentration of (ionized and neutral) donors 

and acceptors can be evaluated in n-type and p-type material, respectively. In forward bias 

(for p-type layers) or by illuminating the interface with UV light (for n-type layers), the 

semiconductor is etched [35]. The standard equation used to determine the carrier 

concentration for the Schottky diode is based on equation [34], 

𝑁 =
−2

𝑞𝜀𝑅𝜀0𝐴2
𝑑(

1

𝐶2)

𝑑𝑉

                                                       (3.24) 

Where N is the carrier concentration, C is the capacitance, A is the etch area (sealing ring 

area of the equipment), V is the external voltage applied to the depletion zone, q is the 

electron charge, εR is the semiconductor dielectric constant and ε0 is vacuum permittivity 

(8.85×10
-12

 C/V). The size of the etch area (A) should be determined as accurately as possible, 

which is the main source of errors. By measuring the geometry of the etch area after the ECV 

measurement it can be found that the contact area differs from the sealing ring area [36]. A 
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nonuniform etching of GaN (or InGaN) surface has been observed [37]. Hence, two-stage 

modification of technique is more preferable [38].  

During ECV measurement, the etch process is not a “real chemical etching”. It is a cyclic 

oxide thickening and oxide removal process under strict control of pH. KOH is only used to 

set the pH to 12, so KOH is 0.01 mol and not 1 mol due to inhibition of the oxide creation. 

In ECV measurement, if there is no or very low etch current, then typically either 

concentration too low (=high resistivity) or the concentration is very high (> 5×10
18 

cm
-3

). In 

this case the depletion width is too thin to get reasonable UV light absorption within 

depletion zone. Only the light absorbed within the intrinsic field of depletion zone will lead to 

holes and electrons which are separated, holes being driven to the surface by the intrinsic 

field of the depletion zone. In the case of n-type AlGaN measurement, etch current is always 

low due to wider bandgap, and thus smaller light absorption, and also due to usually worse 

material quality and thus more recombination centres killing holes, thus killing the etch 

current.  

3.4.6 Hall measurement 

Hall measurement is a quick and simple analysis tool for determining electrical properties of 

semiconductors such as resistivity (ρ), sheet resistance (RS), the carrier concentration (N) and 

the mobility of charge carriers (µ) at 300 K and 77 K (using liquid N2).  The Hall effect is 

caused by the deflection of moving charged particles (i.e. electrons) by a magnetic field (B) 

perpendicular to the current (I), the principle is demonstrated schematically in Figure 3.16 

With the use of a magnetic field (0.32 T for experiment in our lab) perpendicular to the 

current flow, the electrons accumulate on one side of the sample resulting in an electric field 

which compensates the Lorentz force. By measuring the voltage associated with this the 

carrier concentration can be obtained. For a bar shaped sample with the thickness d the carrier 

concentration is given by the following expression,  

𝑁 = −
𝐼𝑥𝐵𝑍

𝑞𝑑𝑉𝐻
                                                        (3.25) 

Where q is the electronic charge, d is thickness of sample and VH is the measured Hall 

voltage. The sign of the charge carriers can be found from the sign of the Hall voltage. 

Therefore, it can be used to determine doping type of sample. 

The equation for sample resistivity can be written in terms of the mobility of the carriers as,  

  𝜌 =
1

𝑞(𝑛µ𝑛+𝑝µ𝑝)
                                                         (3.26) 
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Figure 3.16: Schematics of the Hall measurement. 

Where µn, µn are the electron and hole mobility, respectively. For example, if sample is n-

type, nµn should be much higher than pµp. The Hall mobility can be obtained, when 

additionally sheet resistance R of the sample is measured. Then it is given by 

𝜌 =
1

𝑞𝑁µ𝑛
 ⇒ 𝑅𝑠 =

1

𝑞𝑑𝑁µ𝑛
 ⇒ µ𝑛 =

1

𝑞𝑑𝑁𝑅𝑠
                            (3.27) 

With this method the mobility and carrier concentration of square shaped samples can be 

determined as long as there are no cracks and non-conducting islands.  

The wafer is diced into 6×6 or 8×8 mm
2
 square size by diamond scriber. It is mounted on the 

printed circuit board (PCB) and connected by four wire bonds with indium (In) balls, as 

shown in Figure 3.17. The four contacts should be sufficiently small and close to the edge as 

possible. The In balls were annealed at 400 °C for 3-4 minutes in order to achieve ohmic 

contacts. The success with ohmic contacts to p-type GaN and AlGaN are much more limited 

than n-type material due to large acceptor ionization energies and large work function. To 

date, the best contact metallization for p-type GaN is based on gold (Au), platinum (Pt), 

nickel (Ni) and/or palladium (Pd) [39, 40, 41], which can be deposited using metal 

evaporation in the clean room. Ohmic contact quality must be checked in the current-voltage 

(I-V) measurement for sample uniformity. A linear I-V curve indicates good ohmic contacts. 

Meanwhile, a good set of results should be repeatable at different currents.  

 

Figure 3.17: Schematics of PCB sample holder. 
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4 
MOVPE growth of AlN 

4.1 Introduction 

Aluminium nitride (AlN) is an important wide band-gap semiconductor material that has 

attracted much interest for it use in electronic and optoelectronic devices. At present, the 

lifetime and performance of most nitride devices is limited by the relatively poor quality of 

heteroepitaxial material grown on lattice mismatched substrates such as sapphire, SiC and Si 

[1, 2, 3]. Although significant growth progress has been achieved in high quality bulk AlN 

single crystal by some companies such as HexaTech Inc, CrystAl-N GmbH and Nitride 

Crystals Inc, these commercial native substrates are very expensive (above €2,000 per inch) 

comparing with foreign substrates. Therefore, AlN epilayers grown on (0001) c-plane 

sapphire substrates were primary choice in our experiments to form a high quality template 

for device overgrowth. 

The MOVPE growth of AlN is a challenge. The major problems arise predominantly from 

the higher Al-N bond strength of 2.88 eV than Ga-N bond strength of 2.2 eV [4]. As a 

consequence, pre-reactions increase, and the adsorbed Al atoms possess a low surface 

mobility due to high incorporation energies (surface energy quantifies the disruption of 

intermolecular bonds that occur when a surface is created) [5]. Therefore, the crystalline 

quality and surface morphology of AlN can be improved by reduction of the carrier gas flow 

rate at relatively low V/III ratios, high growth temperature, and by total reactor pressure 

decrease due to enhancement of surface migration of Al atoms and suppression of strong 

parasitic reactions in the gas phase [5, 6, 7, 8].  

Several MOVPE growth methods have been proposed in the literature in order to reduce 

dislocation density for AlN grown on c-plane sapphire substrate: for example, high  

temperature (HT) growth AlN [8,9,10,11], epitaxial lateral overgrown AlN [12],  patterned  

sapphire  prior  to  AlN  growth  [13],  use of alternating V/III ratio[14, 15] and use of AlN 
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interlayers grown at low temperature [15]. In the following sections, the direct, two-step and 

three-step growth processes will be presented.   

In this chapter, the AlN epilayers were grown by the MOVPE technique in Aixtron CCS 3×2 

FT reactor. The influence of independent growth parameters such as pre-treatment, V/III ratio, 

growth temperature, epilayer thickness and substrate miscut angle on the initial and/or 

subsequent layers of AlN was investigated. Finally, an optimum growth condition is 

empirically determined. The surface features and structural properties were evaluated using 

Nomarski microscopy, spectroscopic in-situ reflectometer, atomic force microscopy (AFM), 

X-ray diffraction (XRD) and transmission electron microscopy (TEM).  

 

4.2 Chemical reaction mechanism of AlN 

Hydrogen/Nitrogen (H2/N2) carrier gas delivers the trimethylaluminium (TMAl) precursor 

into the reactor chamber (the selection of carrier gas depends on growth process requirement) 

and react with NH3 that is introduced in other separate line. This reaction can be simply 

expressed as, 

                                Al(CH3)3
(vapour) 

+ NH3
(gas)

 → AlN
(solid)

 + 3CH4
(gas)                                               

(4.1) 

However, chemistry of epitaxial growth of AlN is very complex and involves a number of 

gas phase and surface reactions as shown in Figure 4.1 [16, 17]. Parasitic reactions between 

TMAl and NH3 can create (TMAl:NH3) adduct, which is difficult to avoid since the adduct 

(and its by-products) forms already at room temperature [5]. These parasitic reactions can 

influence the growth rate and the mole fraction of Al in AlGaN growth due to them being 

more severe for AlN growth than for GaN growth. The adduct decomposition can form 

(Al(CH3)2:NH2)n compounds. Monomers (n=1) and dimers (n=2) are expected to contribute 

to the growth while the higher order oligomers (n>2) have a low vapour pressure and 

therefore have sufficient energy to lose methyl groups to form AlN particles in the gas phase 

at high growth temperatures [5]. To prevent the gas phase reactions, AlN is typically grown 

at low reactor pressure (between 40 and 100 mbar), e.g. to obtain a high velocity of the 

carrier gases and therefore only a short residence time in the gas phase, and also to enhance 

the mobility of adatoms on the surface [5, 16]. The equilibrium of the initial (CH3)3Al:NH3 

adduct formation reaction can shift and stabilize TMAl at low V/III ratios and thus avoid 

severe losses by parasitic reactions [18]. Finally, the showerhead gap is also a critical 

parameter to minimize the parasitic reactions. For example, reducing showerhead gap results 
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in an increase of growth rate and aluminium mole fraction in the AlGaN growth 

[19]. Additional information about the reaction mechanism can be found in the literature [20, 

22, 23]. 

 

 

Figure.4.1: Schematic representation of the gas-phase reaction mechanisms (reproduced and delete 

TMAl:NH3 decomposes back into TMAl and NH3 reaction pathway). 

 

 

4.3 Direct growth process on sapphire 

We started with the optimisation of a simple direct growth process, which was inspired by 

that reported by the University of Sheffield [24]. Although it is called a direct growth process, 

the optimization process is divided into two parts: (1) thermal cleaning (TC) of sapphire 

substrate and (2) high temperature (HT) growth of AlN epilayer, see Figure 4.2. 

4.3.1 Experimental details 

The thermal cleaning of the c-plane sapphire substrate was performed in a H2 atmosphere at 

1180°C for 10 min, which gives rise to atomically smooth sapphire surfaces. The organic 

molecules and hydroxides would be desorbed and removed if there was any contamination 

and residuals in the reactor from prior runs. After the thermal cleaning, 1 μm thick HT-AlN 

epilayer was deposited at 1150 °C with a V/III ratio of 74, low reactor pressure of 85 mbar 

and high flow of H2 carrier gas (8000 sccm). The AlN structure is illustrated in Figure 4.2 (a). 

In addition to the growth parameters for the HT-AlN, the initial delivery of Al or N species to 

the sapphire surface is crucial for the polarity of the grown AlN epilayer. An exposure of the 

sapphire surface by NH3 or TMAl pre-flow, often referred to as nitridation or alumination, 

leads to the growth of AlN with N or Al polarity. In order to control the polarity of AlN, 

different pre-treatment schemes were investigated as used in Figure 4.2(b). These included 
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simultaneous start (no pre-flow: NH3 and TMAl introduced simultaneously) for the initiation 

of AlN growth, and pre-flow of TMAl or NH3 prior introducing the other precursor.   

 

Figure 4.2: (a) Schematic of the structure and (b) growth sequence for an AlN epilayer with different pre-

treatment. 

4.3.2 Results 

The photographs of AlN epilayers grown on sapphire wafers are shown in Figure 4.3. For a 

simultaneous start a faint rough area in the centre of the wafer was observed (not visible in 

the image). This rough area became larger and more visible by increasing the NH3 pre-

treatment time. Conversely applying a TMAl pre-treatment lead to its suppression. It was 

found that rough areas were easily scratched by tweezer whilst the smooth areas robust to 

such treatment.  

For the sample NT0044 (5 seconds NH3 pre-flow), two distinctive features can be seen from 

AFM images taken in smooth and rough area, shown in Figure 4.4. The surface micro-

morphology of the sample with the smooth area [Figure 4.4(a)] is relatively flat but with step 

bunching features (RMS roughness is around 2.5 nm average estimated from multiple 10×10 

μm
2
 AFM images). Pyramidal surface features are observed in the rough area, which have 

much higher RMS roughness of above 19 nm. This entirely different morphology of the 

sample might be due to incomplete coverage of N-polar AlN on sapphire surface: when 

exposing sapphire to NH3, the very first oxygen layers are substituted by nitrogen. The 

underlying Al atoms experience these nitrogen atoms and N-polarity is established [25]. 

However, the surface roughness is high due to non-uniform of N-polar material on sapphire 
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surface even after 1 hour of nitridation [26]. Therefore, inversion domains (IDs) are dominant 

in the layers (mixed polarity). 

 

Figure 4.3: photographs of AlN epilayers on c-plane sapphire with different pre-treatment. 

 

Figure 4.4:  10× 10 μm
2
 AFM scans of 1 μm thick AlN buffer layers taken from rough (a) and smooth (b) 

area, respectively. The unit of Z scale bars are nanometer. 

Figure 4.5 shows in-situ reflectance curves measured at the wafer centre during the AlN 

growth runs under different pre-treatments. The first observation is that the growth rates of all 

the HT-AlN layer are similar around 0.37 nm/s (1.33 μm/min). Second, the average 

reflectance value only stays nearly constant for a sample grown with a TMAl pre-treatment 

substrate. The decreasing average reflectance indicates roughening grown on the intentional 

nitrided (NH3 pre-flow) surface and for the no pre-flow sample. The result is in good 

agreement with the previous microscopy images (Figure 4.3). 

XRD is sensitive to tilt and twist in the whole sample and can thus be used as an indirect 

measure of total TD densities [27]. Figure 4.6 shows the FWHM values from symmetric 

(0002) and asymmetric (101̅1) peaks measured by XRD rocking curves as a function of pre-

treatment time. The tendency in the (0002) reflections is that the FWHM reduces with 

decreasing the TMAl pre-flow time. The FWHM of the (0002) reflections improve from 970 

to 239 arcsec. In contrast, the trend from the (101̅1) ω-FWHMs suggests a minimum number 
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of threading dislocations (TDs) with an edge component when the 7s of TMAl pre-treatment 

is employed, the longest pre-treatment time used in this study.  

 

Figure 4.5: Reflectance measured in-situ (at a wavelength of 405 nm). The strong damping upon 

nitridation (dashed line) indicates surface roughening. Extended alumination results in a change in 

reflectivity before NL growth. 

 

Figure 4.6: FWHM values of (0002) and (10�̅�1) XRD rocking curves as a function of TMAl (positive) and 

NH3 (negative) pre-treatment time. 
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4.3.3 Discussion and conclusion 

The results here differ significantly from that reported by the University of Sheffield [24], in 

our experiments, a TMAl pre-treatment was required to prevent rough N-polar AlN growth 

occurring. It is clear from this that AlN recipes can be particularly difficult to transfer 

between reactors, even those from the same design family. The effect we attribute to the 

difference of the initial chemical condition of the reactors, whereby small changes in the 

reactor design can have significant effects on growth leading to different material quality. 

Further evident of this sensitivity is given by the fact that we have observed changes in 

quality depending on the history of growths undertaken immediately before growing an AlN 

on sapphire substrate. 

This study suggests that the polarity of AlN epilayers depends on the surface state of the 

sapphire substrate directly before growth. The consequence of the preparation conditions with 

respect to the polarity control are summarized in Figure 4.7. N-polar AlN regions were 

always found by growing directly on “nitride” sapphire, while Al-polar AlN was obtained, if 

the TMAl pre-flow of the sapphire substrate was long enough.  

Experiments long bake time carried out and was generally found to make the roughening 

problem more severe for an equivalent pre-treatment directly before growth. This indicates 

that residual N coating compounds from previous growths may desorb from the reactor 

showerhead and/or J-liner walls and give an effective nitridation of the sapphire prior to 

growth. 

For AlN growth a smooth Al-polar surface is critical to act as a template for subsequent 

device overgrowth. Hence a TMAl pre-treatment step is generally applied to obtain this.   

 

Figure 4.7: Schematic diagram of the AlN polarity control scheme. 
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4.4 Two-step growth of AlN 

A number of approaches have been used to obtain low dislocation density in AlN. One route 

to improve AlN epilayer quality is using a thin low temperature nucleation layer in a two-step 

process, partly inspired by the early work of Amano et al. [28]. They reported the first 

successful growth of high quality GaN layers using a two-step growth process in 1986, where 

a low temperature AlN layer was used as a base for the GaN. This process established basis 

for the standard methods for the epitaxial growth of group-III nitride materials by MOVPE 

[29,30]. 

To overcome the problem of a large lattice mismatch and a large thermal expansion 

coefficient between wurtzite group-III nitride materials and sapphire substrates, a low 

temperature (LT) (below 1000 °C) AlN layer was employed as an initial growth step before 

the deposition of the main layer. The LT-AlN acts as a nucleation layer (NL) and polarity 

control layer (PCL) between the sapphire and the subsequent epilayers. It is noteworthy to 

mention here that the surface of the LT-AIN needs a proper pre-treatment step using TMAl 

(covered by a thin molten layer of Al) to avoid a mixed polar form at the initial stage. After 

that the main HT-AlN layer was deposited as shown in Figure 4.8 (a). 

In this section, a clear impact on the structural and surface quality of AlN layers were 

observed in five series: (2-I) variation of LT-AlN thickness, (2-II) variation of LT-AlN 

growth temperature, (2-III) variation of HT-AlN thickness, (2-IV) variation of HT-AlN 

growth temperature and (2-V) variation of miscut angle of c-plane sapphire. During 

optimization of each part, the growth conditions of the other parts were kept constant.  

 

 

Figure 4.8: Schematic structures of the AlN epilayers grown on sapphire using two-step recipe. 
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4.4.1 Series 2-I and 2-II: Impact of growth NL thickness and growth 

temperature 

For these first studies, we used c-plane sapphire substrates with a miscut angle of 0.36°±0.04° 

towards m-plane. The average sapphire thickness is 435±5 μm. In the beginning, samples 

were thermally cleaned in H2 ambient at 1180 °C for 10 minutes, and then went to LT-AlN 

growth condition. TMAl was initially supplied for 40s at a flux of 5 μmol/min in order to 

ensure full coverage of Al-polar material. It was confirmed that ID features were eliminated 

after a sufficient TMAl pre-treatment. During the optimization of the LT-AlN, the growth 

conditions of the subsequently deposited AlN epilayers were kept constant as given in Table 

4.1.  

Growth Parameters LT-AlN Main AlN layer 

Growth (°C)  

fd()dTemperature 

(2-II) 600-1000 1250 

Growth Pressure (mbar) 100 100 

V/III Ratio 1000 100 

TMAl (µmol/min) 5 20 

NH3 (µmol/min) 5000 2000 

Growth Thickness (nm) (2-I) 0 to 45 1000 

Total Flow (sccm) 8000 8000 

Table 4.1: Growth conditions of subsequently deposited AlN epilayer on LT-AlN and range of growth 

parameters for LT-AlN optimization.  

In series 2-I, the thickness of LT-AlN was varied and optimised. It should not be very thick 

otherwise not only the LT-AlN but also the successive layer may become polycrystalline. The 

layer thickness is dependent not only the growth duration but also other growth parameters 

like the growth temperature, pressure and precursor flow rate. The growth temperature was 

fixed at 600 °C for the LT-AlN, the V/III ratio at 1000 and the pressure at 100 mbar. The LT-

AlN growth rate was taken as approximately 0.074 nm/s (0.266 μm/h), based on the thickness 

of a 45 nm layer and assuming that the growth rate did not change with thickness. After that a 

1 µm thick HT-AlN layer was deposited at 1250 °C with a V/III ratio of 100. Figure 4.9 (a) 

exhibits the effect of the NL thickness on the FWHM of (0002) and (101̅1) ω-scans. The 

minimum FWHM of (0002) was 450 arcsec, achieved at a low thickness. The surface 
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morphology of the AlN epilayers is shown in the Figure 4.9 (b). All samples have similar 

surface feature. The surface is formed from large steps, typically around 6 nm high and 1 µm 

wide, but atomically smooth between the steps. Close examination of step termination sites 

shows a staircase of single and double atomic steps, showing that large steps are formed by 

atomic steps bunching together, perhaps initially pinned by surface pits. The measured room-

mean-square (RMS) surface roughness is 2.1 ± 0.2 nm, from four 10×10 µm
2
 scans.  

 
Figure 4.9: (a) Series 2-I: the impact of different LT-AlN thickness on the FWHM values of ~1μm AlN 

epilayer measured by XRD ω-scans using (0002) (closed squares) and (10�̅�1) (open circles) reflections, 

which are associated with screw and mixed type dislocations and to edge and mixed type dislocations, 

respectively. Error bars represent instrument limitations and the unit of Z scale bars are nanometer. The 

insets show 10 × 10 µm
2
 AFM 3D view scan for selected LT-AlN thickness [0 nm (b)] indicating the step 

bunched surface feature.  

The growth temperature of the LT-AlN is also an important parameter since the 

decomposition of the precursors, homogeneous and heterogeneous gas phase reactions and 

the mobility of the precursor species on the substrate are all strongly temperature dependent 

phenomena. In order to investigate the influence of the growth temperature, LT-AlN as 

deposited at four temperatures between 600 °C and 1000 °C in series 2-II. A thickness of 

0.75 nm was chosen based on the FWHM values from series 2-I. During the optimisation of 

the LT-AlN growth, the growth conditions of the subsequently deposited 1μm thick HT-AlN 

layers were kept constant. 

The FWHM values showed a minimum of 400 and 940 arcsec for (0002) and (101̅1) at the 

growth temperature of 800 °C in Figure 4.10 (a). Figure 4.10 (b) shows the short-wavelength 
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(405nm) ORS in-situ monitoring curves vs. time sequence of samples NT0073 (TLT-

AlN=800 °C) and NT0072 (TLT-AlN=1000 °C), used to observe the evolution of AlN growth. 

For sample NT0073, the reflectance intensity of the 405 nm in-situ monitoring curve first 

decreased and then became stronger until it reached a steady state. This indicated that the 

growth mode of underwent a transition from 3D island growth to quasi-two-dimensional (2D) 

layer-by-layer growth. For sample NT0072, the reflectance intensity increased to a steady 

state quickly, indicating that 2D growth dominated the whole HT-AlN growth process. 

However, surface morphologies still show clear step bunching feature in both samples 

[Figure 4.10 (c) and (d)], while incomplete coalescence co-existence with some hillock 

surface features was achieved in sample NT0073.  

 

Figure 4.4: (a) XRD ω-scan FWHM of the (0002) and (10�̅�𝟏) reflections dependence of the NL growth 

temperature. (b) (a) The 405 nm wavelength in situ monitoring curve vs. time sequence. The insets show 

10 × 10 µm
2
 AFM scans for selected NL growth temperature [1000 °C (c) and 800 °C (d)].  
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4.4.2 Series 2-III: HT-AlN surface morphology transition 

In series 2-III, HT-AlN was deposited in different thickness to find the thickness at which the 

surface steps start to bunch together. The expected defect density reduction with increasing 

epilayer thickness is verified by FWHM values of XRD ω-scans in Figure 4.11 (a). The 405 

nm wavelength reflectance curve reached a steady state quickly shown in Figure 4.11 (b), 

which indicated that 2D layer-by layer growth is dominant at HT-AlN.  

 

Figure 4.11: (a) The impact of different HL thickness ranging from 20 nm to 1 µm on the symmetric 

(0002) and skew-symmetric (10-11) FWHM (not included FWHM of (10-11) for 20 nm, because epilayer 

is thin and large defect density), and (b) ORS In-situ 405nm laser signals recorded for two-step process 

from 20 nm  to 1 μm thick. 

AFM measurements were used to study the AlN surface morphology during the different 

growth stages. Figure 4.12 (a) displays the AlN morphology just after the initial nucleation 

with thickness of 20 nm. Figure 4.12 (b) shows a 100 nm thick AlN layer. There are 

remaining openings/pits due to the incomplete island coalescence. Further increasing the AlN 

thickness promoted coalescence. Macro steps (step height ~ 1 nm) were observed for the 160 

nm thick in Figure 4.12 (c). The pits and defects reduced significantly as thickness increases. 

As demonstrated in Figure 4.12 (d), the sample surface shows clear step bunching features at 

a thickness of 200 nm. In this stage, bunched steps formed ridges that were running 

essentially parallel to each other, which resemble the ultimate surface morphology of Figure 

4.12 (e). It should be pointed out that the continuous step bunching ridges are aligned along 

the sapphire substrate miscut. AFM image reveals vicinal surfaces inclined at an angle (θ) of 

0.42±0.04°, which is close to the sapphire miscut angle. An average step height (h) of 6.0±0.5 
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nm and step width (w) of 0.9±0.05 µm were observed by cross-sectional height profile Figure 

4.12 (f). Finally, the RMS surface roughness, estimated from multiple offset-flattened 10×10 

µm
2
 AFM images is 2 nm.  

 

Figure 4.12: (a-e) 5 × 5 μm
2
 AFM scans of AlN grown on sapphire grown showing the evolution of HT-

AlN epilayer in 20 nm, 100 nm, 160 nm, 200 nm and 1 μm thick, and (f) cross-sectional height profile of 1 

µm thick AlN epilayer using line flattened with a local plane fit by WSxM software. The calculation of the 

misorientation θ is illustrated. The unit of Z scale bars are nanometer. 

Figure 4.13 indicates the variation in surface roughness as the film coalesced and the step 

bunching growth mode took over. Initially, the RMS surface roughness was low, because of 

the small islands formed on the surface [Figure 4.13 (a)]. As the small islands coalesce to 

become larger [Figure 4.13 (b)], the surface roughness increases. From 100 to 160 nm, the 

effect of the lateral growth increases and the surface roughness drops significantly. However 

at the same time, the first evidence of the step bunching growth mode begins to appear 

resulting in the increased surface roughness at 200 nm. A histogram of scan line RMS 

roughness from a 1 µm thick HT-AlN revealed steps height distribution [Figure 4.13 (c)]. 

The presence of step bunching feature in the 1 µm thick AlN indicates that it is difficult to 
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recover a flat surface under HT growth. To understand and explain the feature morphology, 

substrate and growth conditions (growth temperature and V/III ratio) should be considered.  

 

Figure 4.13: Variation in the RMS surface roughness with the layer thickness. Insets show the surface 

height histograms for samples (a) 20 nm, (b) 100 nm and (c) 1 µm. 

When a miscut substrate is used for growth, steps are usually formed due to the vicinal effect. 

A uniform vicinal surface has been reported to be vulnerable to two main types of instability: 

step meandering and step bunching. For most III-V materials, the step bunching tends to be 

more frequently observed. This behaviour can be explained by the difference in molecular 

dissociation from above and below step edges [31]. 

Kasu and Kobayashi (KK) [32] explained the step bunching in terms of the surface diffusion 

and 2D nucleus formation. In the crystal growth theory, there is a direct correspondence 

between growth parameters (growth temperature, flow rate, V/III ratio and reactor pressure) 

and surface diffusion. Generally, if the mean surface diffusion length of Al atoms is greater 

than or equal to the half step terrace width, the atoms only tend to incorporate into the steps 

and kink sites that locate at the two side of one terrace, keeping the stable step morphology, 

namely, step flow growth mode. However, if the diffusion length is much longer than the step 

terrace width, the atoms can migrate over these steps and diffuse to the neighbouring upper 

and lower terraces, providing a possibility for the formation of macro steps and even bunched 

steps, we call this a step bunching growth mode. The more details will be discussed in the 

following section. 

100 1000
0.0

0.5

1.0

1.5

2.0

2.5

3.0

3.5

4.0
 RMS

thickness, nm

R
M

S
 r

o
u

g
h

n
es

s,
 n

m

(a) 

(b) 

(c) 



 

 

76 

 

4.4.3 Series 2-IV and 2-V: Impact of main AlN growth temperature and 

miscut angle of substrate  

Step bunching features were observed in previous growth runs, might cause by a diffusion 

length greater than the terrace width of the substrate. Therefore, the step bunching can be 

avoided by reducing the diffusion length. One possibility is to decrease the growth 

temperature and hence to reduce the residence time of a group-III adatom on the surface 

(series 2-IV). An alternative at a growth condition is to reduce miscut angle to increase 

terrace width (series 2-V). 

4.4.3.1 Experimental details 

All the AlN epitaxial layers in this section were grown on three orientations of c-plane 

sapphire substrates. The miscut angles of substrates were 0.08°±0.02°, 0.25°±0.04° and 

0.36°±0.04° towards the m-plane. Sapphire substrate miscut angle defines the width and 

density of surface step, because the usage of intentionally inclined surface causes a finite step 

width that is terminated with a surface step, see sapphire sample surface in Figure 4.14.  

 

Figure 4.14: (a) schematic of the 2 inch sapphire substrate and (b) its 5 × 5 μm
2
 AFM image. 

Prior to deposition, thermal cleaning of the sapphire substrates was performed in a H2 

atmosphere at 1180 °C for 10 min. The wafers were then cooled to 800 °C for a 40 seconds 

Al pre-treatment step followed by a thin LT-AlN layer with a V/III ratio of 10000 at 100 

mbar.   

Three growth runs were made as described in Table 4.2. Three different miscut substrates 

were simultaneously loaded in the reactor. In each case after the LT-AlN, the TMAl supply 
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was interrupted and wafer temperature increased to either 1110, 1160 or 1260 °C under an 

NH3 flow. 1.5 µm thick AlN layers were subsequently grown on the LT-AlN with a V/III 

ratio of 50 at 50 mbar.  

Table 4.2: Growth conditions for AlN epilayers of 1.5 µm thickness with AlN nucleation layers of 0.75 nm 

thickness grown. 

4.4.3.2 Results  

Growth was monitored using the data provided by a LayTec reflectometer and Epicurve 

system. Figure 4.15 shows the in-situ transients measured by the 633 nm LED and the wafer 

curvature for the growth of AlN layer grown on 0.08° miscut angle of c-plane sapphire with 

different growth temperature. Firstly, the Fabry-Perot oscillations of the AlN layers show 

almost no damping in amplitude indicating that all AlN layers adopted a planar growth mode 

from the beginning in Figure 4.15 (a). The similar oscillation behaviours were also found in 

other samples grown on 0.25° and 0.36° c-plane sapphire substrates. 

Secondly, the wafers became more concave as increasing AlN thickness [Figure 4.15 (b)], 

which suggested that our Al-polar oriented growth method had a tendency to enhance wafer 

bowing and film tensile strain. The variation in wafer curvature could be caused by several 

potential processes. One phenomenon which could be causing the wafer bowing is vertical 

temperature gradient within a sample as well as the thermal stress resulting from a 

temperature change with a difference in thermal expansion coefficient between AlN and 

sapphire. Since the layer was grown at constant temperature, the thermal mismatch can be 

ignored. Another source of strain for growth of III-nitrides is the hetero-epitaxial lattice 

mismatch. For AlN on c-sapphire, it rotates 30° about its c-axis with respect to that of 

sapphire, this results in a tensile stain of about 13% [33]. 

The growth rate of AlN was found to decrease with increasing growth temperature over the 

range studied in Figure 4.16, which indicate that the mean residence time of Al adatoms is 

larger on the surface as temperature rise. The decrease of the growth rate with increasing 

T (°C) of main AlN 0.08°±0.02° 0.25°±0.04° 0.36°±0.04° 

1110 NT0452a NT0452b NT0452c 

1160 NT0467a NT0467c NT0467b 

1260 NT0454a NT0454b NT0454c 
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growth temperature may be attributed to increase parasitic pre-reactions in the gas phase. 

This was found to be irrespective of the sapphire substrate miscut angle. However, the growth 

rate of AlN was found to be subtly different for each of the three simultaneously grown 

samples, with the small thickness changes (~2%) between sample types being consistent, 

though the variation is not consistent with the miscut angle, nor susceptor pocket selection. 

This may be due to slight differences in the temperature of the growing surface caused by 

variation of the thickness (all nominally the same), backside polish of sapphire which were 

provided by different manufacturers or the error of growth rate estimation (error bar of 1 μm 

thick is about ±40 nm).  

 

Figure 4.15: Wafer curvature and the 633 nm reflectance measured in-situ during growth of AlN layers 

on 0.08° miscut of c-plane sapphire.  

The surface morphologies of AlN samples grown on different miscut substrates at different 

temperatures are shown in Figure 4.17 and Figure 4.18. Monoatomic layer steps are clearly 

observed at the lowest growth temperature (1110 °C). The surface was found to be atomically 

flat with irregularly ordered steps. At small miscut these adopt a rather random pattern, which 

is modified with a clear orientation for the larger miscut angles. There is evidence of pinning 

in the samples. The AFM images indicate that this may be attributed to screw dislocations 

threading through the material, which has been confirmed by analysis on smaller AFM scan 

areas, see Figure 4.18. 
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For the two larger substrate miscuts (0.25° and 0.36°) at 1250 °C, a dramatic change in 

morphology is observed, with large jumps in surface height occurring, separated by relatively 

broad smooth terraces. The step edges are fairly straight on a macroscopic, with jagged 

features and align along the m-plane direction, normal to the misorientation. This is 

indicative of strong step bunching in the sample. In the case of the on 0.08° substrate the 

RMS roughness was significantly reduced though it is noticable that the surface is 

significantly rougher than that for the equivalent sample grown at 1110 °C [see Figure 4.19 

(a)], and as can be observed from the smaller atomic layer terrace widths in the AFM image. 

The step bunching leads to a clear jump in the RMS roughness values observed in Figure 

4.19 (a). This type of roughness degradation is more of an issue as the large relatively sudden 

height differences (of the order of 5-8 nm) would potentially lead to rather discontinuous 

quantum wells if used as a template for LED overgrowth. 
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Figure 4.16: Change in growth rate with respect to growth temperature and miscut angle 

For the 1160 °C sample an intermediate result was observed, with some evidence of slight 

step bunching at the highest miscut angle. 

It can be seen that the type of morphology strongly depends on both growth temperature and 

miscut angle. When the growth temperature is enhanced, a transition from step-flow mode to 

step bunching is observed [Figure 4.17 (b)-(e)-(h) and (c)-(f)-(i)]. A similar transition is also 

found when increasing miscut angle [Figure 4.17 (d)-(e)-(f) and (g)-(h)-(i)]. 
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The variation of the (0002) and (101̅1) XRD ω-scan FWHM of the AlN layers grown with 

different temperature and miscut is shown in Figure 4.19 (b). There is a gradual decrease in 

screw type dislocation with increasing growth temperature. The temperature trend from the 

(101̅1) FWHMs is less clear though grown at the lowest temperature growth has the lowest 

quality. In general the samples with highest sapphire miscut have the lowest XRD FWHM 

though there is not consistent trend. It is possible that the step bunching and induced 

dislocation motion may lead to enhanced annihilation, though the possibility of the different 

manufacturer final surface polish cannot be discounted. 

 

Figure 4.17: (a-i) 5 × 5 μm
2 
AFM images of AlN surface morphologies grown on three orientations of ‘c-

plane’ sapphire substrates under different growth temperature. Abbreviation for the observed 

morphology: cliffs (C) and pits (P). The unit of Z scale bars are nanometer 
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Figure 4.18: (a-i) 2 × 2 μm
2 
AFM images of AlN surface morphologies grown on three orientations of ‘c-

plane’ sapphire substrates under different growth temperature. Abbreviation for the observed 

morphology: diffuse islands (DI) and step bunching (SB). The unit of Z scale bars are nanometer 
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Figure 4.19: (a) RMS surface roughness of AlN from 5×5 μm
2
 which were grown on miscut angle 0.08

o
, 

0.25
o
 and 0.36

o
 sapphire substrate under difference growth temperatures, respectively. Step bunching 

features are observed green region. (b) X-ray diffraction full-width at half-maximum (FWHM) values of 

the AlN buffers grown at different growth temperatures on different substrate misorientations. 

 

4.4.3.3 Discussion and conclusion 

The role of substrate miscut angle in the III-V system for samples grown by MOVPE has  

been reported by others [31, 35], including by Nagamatsu et al [36] for AlN who reported 

both a bunching effect and improved crystal quality for growth on higher sapphire miscut. In 

contrast, our results indicate that crystal quality is largely independent of the miscut, though 

the reduction of step bunching features is obtained.  

Meanwhile, the variation of growth temperature has a significant influence on the kinetics of 

the adsorption and surface diffusion processes for AlN. The mean surface diffusion length of 

Al atoms (LA) is obtained by the Einstein relation [37], 

                                                              𝐿𝐴 = √𝐷𝐴𝜏𝐴                                                            (4.5) 

where DA is the surface diffusion coefficient and τA is the mean diffusion time of an adatom at 

the surface before being incorporated. The dependence of the diffusion coefficient DA and τA 

on the temperature are determined by a simple activation energy approach [37],  

                                                        𝐷𝐴 = 𝐷0𝑒𝑥𝑝(−
𝐸𝐴

𝜅𝐵𝑇
)                                                      (4.6)      

                                                          
1

𝜏𝐴
=

1

𝜏0
𝑒𝑥𝑝(−

𝐸𝐷𝑒𝑠

𝜅𝐵𝑇
)                                                     (4.7) 

Using (4.6) and (4.7), (4.5) becomes 



 

 

83 

 

                                                         𝐿𝐴 = √𝐷0𝜏0exp (
𝐸𝐷𝑒𝑠−𝐸𝐴

2𝑘𝑇
)                                            (4.8) 

Where EA is the surface diffusion activation energy for an isolated adatom, D0 and 𝜏0 are the 

activation frequency factor, EDes is the activation energy for desorption from the surface to 

the vapour, T is the growth temperature, and κB is the Boltzmann constant. Therefore, DA and 

𝜏𝐴 increase with increasing the growth temperature, eventually increasing the diffusion length, 

when  𝐸𝐷𝑒𝑠  is smaller than 𝐸𝐴 . Otherwise, if 𝐸𝐷𝑒𝑠  is larger than 𝐸𝐴 , it means that the 

desorption of adatoms will be dominant instead of diffusion on the surface.  

During growth, atoms reach the growth surface which can be adsorbed on the terrace (atom 

C), atomic ledges (atom B) or atomic kinks (atom A). The binding energies of the atoms 

increase with decreasing number of the dangling bonds (EC <EB <EA) on these sites. 

Therefore, atom A has the highest binding energy among atoms A, B and C. The classical 

step flow growth mode takes place when all the atoms finally incorporated into the atomic 

kinks (like atom A) and the probabilities of absorption to step edges from the upper or the 

lower step are equal, while those did not reach the atomic kinks are desorbed from the growth 

surface as shown in Figure 4.20 (a). These steps propagate perpendicularly to the growth 

direction with an atomic layer height [one monolayer (ML) height]. However, surface 

morphology may also suffer three basic deterministic instabilities: island, meandering and 

bunching. It is observed that the reflectance at 405 and 633 nm from LayTec stays constant 

even after 30 mins of annealing for AlN at 1260 °C. This indicates that the decomposition 

rate of AlN is negligible at our typical growth conditions. Therefore, only the adsorption, 

surface diffusion and incopration process have major impact on surface dynamics for AlN 

growth. 

An analytical description for the morphological evolution from 2D island nucleation growth 

to step-flow growth was found by Burton, Cabrera and Frank, namely BCF-theory [37]. If the 

diffusion length is much smaller than half step terrace width (LA ≪ L/2), incorporation of 

adatoms in the terrace is high before they incorporate to a step edge. As a consequence, island 

formation [Figure 4.20 (c)] occurs. 

If LA > L, then most of adatoms may tend to incorporate into the steps and kink sites that on 

either side of the terrace, keeping the stable step morphology. However the BCF-theory does 

not distinguish between adatoms that arrive at the step from the upper (Ln-1) or lower (Ln+1) 

terrace. It also cannot explain other two unstable morphology features: step meandering and 

step bunching. Schwoebel first pointed out that the change of the diffusion potential for an 
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adatom due to an energy barrier, which is known as Ehlich- Schwöbel barrier (ES barrier or 

ESB) [38, 39]. There are two types of ESBs: (I) kink Ehrlich-Schwöbel barrier (KESB), 

which is 1D effect along the step, and (II) step Ehrlich-Schwöbel barrier (SESB), which is a 

2D effect as the asymmetry at a step-edge. 

If the growth is in L ≥ LA ≥ L/2 regime, a surface transition between the 2D regime and 

island form will occurs. It means that the strength of SESB is high in regard to the energy of 

the diffusing adatoms, so adatoms attached to a step-edge diffuse along it until they find a 

kink to incorporate [40]. 1D bumps or hillocks along the step-edge can lead to a mound 

formation if a KESB exists, which will eventually result in a step meandering morphology 

[Figure. 4.20 (d)] [41, 42]. This instability leads to the formation of ripples in the direction of 

the step train. 

 

Figure 4.20: (a) Schematic view of the 2D step flow growth mode. Three morphological instabilities that 

can occur during epitaxial growth.  (b) A vicinal surface may be unstable with respect to (c) island 

formation, (d) step meandering and (e) step bunching. 
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In the 𝐿𝐴 ≥ 𝐿 regime, adatom can diffuse further from one terrace to another. It faces an 

energy barrier which might form at the step-edge, hindering either adatoms from the upper 

terrace to incorporate at the step and make it more easy for adatoms arriving from the lower 

terrace [defined as positive SESB, as shown Figure 4.21 (b)] or vice versa [negative SESB, as 

shown Figure 4.21 (c)]. 

Xn and Xn+1 denote the position of steps n and n+1, respectively. The terrace width (L) is 

bounded by two steps, while Ln+1 and Ln-1 are the terrace widths in front of and behind the 

step n+1 and n as shown in Figure 4.21 (a), respectively, then the speeds of motion of the 

steps can be described as one dimension model [37], 

                                                       
𝑑𝑋𝑛

𝑑𝑡
= 𝑘𝑋𝑛

− 𝐿𝑛−1 + 𝑘𝑋𝑛

+ 𝐿𝑛                                                (4.9) 

                                                   
𝑑𝑋𝑛+1

𝑑𝑡
= 𝑘𝑋𝑛+1

− 𝐿𝑛 + 𝑘𝑋𝑛+1

+ 𝐿𝑛+1                                         (4.10) 

Where 𝑘𝑛,𝑛+1
∓  are adatom incorporation coefficients to steps from their respective upper (-) 

and lower (+) terraces, respectively, 𝐿𝑛 = 𝑋𝑛+1 − 𝑋𝑛  is the length of the nth terrace. 

Subtracting the equations (4.9) and (4.10) gives, 

                         
𝑑𝐿𝑛

𝑑𝑡
=

𝑑𝑋𝑛+1

𝑑𝑡
−

𝑑𝑋𝑛

𝑑𝑡
= (𝑘𝑋𝑛+1

+ 𝐿𝑛+1 − 𝑘𝑋𝑛

− 𝐿𝑛−1) − (𝑘𝑋𝑛

+ − 𝑘𝑋𝑛+1

− )𝐿𝑛            (4.11) 

When step pairing has occurred (i.e., the step Xn has caught up with the step Xn+1) and so the 

terrace Ln should be equal to zero. Therefore,  

                                                    
𝑑𝐿𝑛

𝑑𝑡
= 𝑘𝑋𝑛+1

+ 𝐿𝑛+1 − 𝑘𝑋𝑛

− 𝐿𝑛−1                                           (4.12) 

In order to maintain the step pairing during growth, 
𝑑𝐿𝑛

𝑑𝑡
  ≤0, which results in 𝑘𝑋𝑛+1

+ ≤ 𝑘𝑋𝑛

− , 

assuming Ln+1=Ln-1
 
. This means that the incorporation rate of adatoms from upper terrace (-) 

is higher than that from the lower terrace (+), continued growth will cause to further step 

bunching. This asymmetric incorporation can be explained by negative ESB as shown in 

Figure 4.21(c). The step bunching is initiated by the pairing of adjacent steps, so the system is 

keeping unstable when 𝑘𝑋𝑛

−  is dominant and much larger than 𝑘𝑋𝑛+1

+ . 

On the other hand, when the adatom faces a positive ESB (𝑘𝑋𝑛+1

+ > 𝑘𝑋𝑛

− ) at a step downwards 

[Figure 4.21(b)], it will reflect and not diffuse downwards. It will result in 
𝑑𝐿𝑛

𝑑𝑡
  >0 and lead to 

a stabilization of terrace width, keeping a step-flow growth mode. However, our experimental 

results indicate that such a terrace width stabilisation is not favoured. 
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The result can be summarized by considering the ratio of the mean diffusion length of 

adatoms over the step width (LA/L) and the mean direction of adatoms flow on the surface. 

The step bunching is triggered by a long diffusion length of adatoms and downhill diffusion 

with the presence of negative SESB.  

 

Figure 4.21: illustration of impact of without (a) and with ESB (b and c) on surface morphology. 
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4.5 Three-step process 

In order to realize both an the ultra-flat surface and improved crystal quality for high 

efficiency UV optoelectronic devices, a three-step process was employed. As illustrated in 

Figure. 4.23, after thermal cleaning approximately 0.75 nm LT-AlN was deposited at 800 °C. 

HT-AlN was then grown as described in series 2-III and series 2-IV (section 4.4), which was 

followed by AlN growth at intermediate temperature of 1110 °C. A V/III ratio of 50, reactor 

pressure of 50 mbar and a flow of H2 carrier gas of 8000 sccm at this stage were used to 

reduce the parasitic pre-reactions between NH3 and TMAl and to reach a uniform growth rate 

across the entire 2-in diameter wafer. 

 

Figure 4.23: Schematic structures of the AlN epilayers grown on sapphire using three-step recipe. 

In series 3-I, the same layer stack consisting of a 0.75 nm LT-AlN and a 1 μm MT-AlN was 

used. To address the morphology and crystal quality of the AlN, the thickness of HT-AlN 

was modified from 20, 50, 100 to 160 nm. In a further study (series 3-II) the substrate miscut 

was varied to investigate its impact for a fixed thickness of the AlN layers, including a 0.75 

nm LT-AlN, 100 nm HT-AlN and 2.2 µm MT-AlN layer in this case. In series 3-III, the 

impact of the thickness of the MT-AlN was investigated. A growth condition overview is 

summarized in Table 4.3. Finally, AlN was grown on commercially provided AlN nucleation 

layer grown on a sapphire substrate via physical vapour deposition PVD technique [43] to 

compare with our internal AlN template growth recipe.  
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Growth Parameters LT-AlN HT-AlN MT-AlN 

Growth (°C)  

fd()dTemperature 

800 1250 1110 

Growth Pressure (mbar) 100 100 50 

V/III Ratio 1000 100 50 

TMAl (umol/min) 5 20 20 

NH3 (umol/min) 5000 2000 1000 

Growth Thickness (nm) 0.75 ? (3-I) ? (3-III) 

Total Flow (sccm) 8000 8000 8000 

Table 4.3: Growth condition overview of three-step process. 

 

4.5.1 Series 3-I: HT-AlN interlayer thickness 

In this series, c-plane sapphire with 0.36°±0.04° miscut towards m-plane was used for the 

growth of AlN layers. Based on the evolution of the previous surface morphology, a MT-AlN 

epilayer was introduced to maintain a smooth surface and eliminate bunching, by reducing 

the Al adatom effective diffusion length. The HT-AlN interlayer was deposited on LT-AlN 

before the main layer of 1 µm MT-AlN.  The studied HT-AlN interlayer thickness was varied 

from 20 to 160 nm and the XRD FWHM values of ω-scans were compared, as shown in 

Figure 4.24. There is no major difference in the values of the (0002) FWHM, the minimum is 

~350 arcsec. However, the FWHM of the skew-symmetric (101̅1) plane was reduced to ~760 

arcsec using 100 nm thick HT-AlN. 

Figure 4.25 shows the surface morphology of the samples in series 3-I. When only a 20 nm 

HT-AlN is used [Figure 4.25 (a) and (e)], the surface is rough with many large pits attributed 

to incomplete island coalescence. The samples with thicker HT-AlN layers do not have these 

large pits and the most of large step bunches are eliminated, although some 2-3 nm high 

macro steps are found in Figure 4.25 (d). Previous studies (Figure 4.12) have demonstrated 

that macro steps majorly formed in the HT-AlN layer growth at certain thickness. In a       

1×1 µm
2
 scan, atomic stepped terraces are clearly visible for all samples, and the RMS 

surface roughness of three-stage AlN with 100 nm thick HT-AlN interlayer is around 0.6 nm, 

derived from multiple 5 × 5 µm
2
 scans. 
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Figure 4.24: XRD FWHM values for three-step recipe with various thickness of HT-AlN interlayer. Solid 

lines are guidelines for the eye only. 

 

Figure 4.25: (a-d) 5×5 μm
2
 and (e-h) 1×1 μm

2
 AFM images for samples with 20 nm [(a) and (e)], with 50 

nm [(b) and (f)], 100 nm [(c) and (g)] and 160 nm [(d) and (h)] thick HT-AlN interlayer. The unit of Z 

scale bars are nanometer. 

 

 3.00

 0.00

 4.00

 0.00

 4.00

 0.00

 2.50

 0.00

 2.00

 0.00

 50.00

 0.00

 1.50

 0.00

 20.00

 0.00

20 nm  50 nm  100 nm  160 nm  

(a)  (b)  (c)  (d)  

(e)  (f)  (g)  (h)  



 

 

90 

 

 

4.5.2 Series 3-II: impact of miscut angle  

The AlN epilayers (including ~0.75 nm LT-AlN, ~100 nm HT-AlN and ~2.2 µm MT-AlN 

layer) in series 3-II were grown on three miscut angles of c-plane sapphire substrates. The 

miscut angles of substrates were 0.08°, 0.25° and 0.36° towards the m-plane, respectively. 

The step bunches were found to be largely eliminated on all three misorientations in Figure 

4.26 (a), (b) and (c). The mean AlN terrace length are 155±10, 100±10 and 80±10 nm with 

respect to the miscut angle of 0.08°, 0.25° and 0.36° c-plane sapphire [Figure 4.25 (d), (e) 

and (f)]. Each Al terrace length data point was measured across four 2×2 µm
2
 AFM scans. 

The classic step-flow growth mode is observed for AlN grown on 0.36° miscut c-sapphire 

[Figure 4.26 (c) and (f)]. A mixture surface morphology between island (small hillock) and 

step-flow is found for AlN grown on 0.08° and 0.25° miscut c-sapphire [Figure 4.26 (a), (b), 

(d) and (e)].  

Figure 4.27 (a) shows the RMS surface roughness of the AlN epilayers with different miscut 

angles measured by multiple 2×2 µm
2
 (circle) and 5×5 µm

2
 (square) AFM scans. The RMS 

roughness tends to increase with increase in the miscut angle of c-plane sapphire. These 

results indicate that misorientation of the substrate has influence on the surface roughness due 

to change of surface growth mode by varying LA/L. In addition, the three-step growth process 

also has a greater resilience to tensile cracking at higher thickness than the simple two-step 

growth process. The critical thickness of AlN is ~2 µm by 2-step process and ~2.5 by 3-step 

process, respectively, beyond which cracking of AlN occurs. 

Figure 4.27 (b) shows the FWHM values of the XRD. It is clear to see that a large miscut in 

the c-plane sapphire substrate slightly improved the crystal quality of AlN. The minimum 

(0002) and (101̅1) XRD FWHM values were around 270 arcsec and 460 arcsec for AlN 

grown on 0.36° miscut c-sapphire, respectively. Similar results were observed for the two-

step process (section 4.4.3.2).  

In summary, the use of 3-step growth process can lead to improve crystal quality whilst 

avoiding the formation of step bunches which were previously found to be highly sensitive to 

small changes in sapphire miscut angle. Unfortunately, it should be note that the step 

bunching issue was found to reoccur on both 0.25° and 0.36° miscut angle samples for 

AlGaN growth, which will be discussed in the next chapter. 
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Figure 4.26: 5×5 μm
2
 and 2×2 μm

2
 AFM images of samples (a) with 0.08°, (b) with 0.25°and (c) 0.36° 

miscut angle. The unit of Z scale bars are nanometer. 

 

Figure 4.27: (a) RMS surface roughness of AlN and (b) XRD FWHM values for (0002) and (10�̅�1) ω-

scans for three-step recipe with various substrate miscut angle. 
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4.5.3 Series 3-III: Impact of AlN epilayer thickness  

In series 3-III, AlN epilayers were grown on c-plane sapphire with a miscut angle of 0.08° 

using three-step process, where MT-AlN epilayer thicknesses of 1, 1.6, 2, 2.6, and 3 μm were 

used.  

Unfortunately, cracks were observed to form when the thickness of sample was greater than  

2.6 μm, and this crack density increased with the increasing of thickness. Eventually, some 

parts of epilayer delaminate as shown in Figure 4.27 (b). This cracking is one of the severe 

problems for thicker layer growth of AlN. Therefore, a so-called critical thickness for 

cracking limits the increase of the layer thickness at least on sapphire substrate depending on 

growth method. The critical thickness is 2.5±0.1 µm from our experimental results with 3-

step process. 

As successfully optimizing the growth parameters and developing a 3-step process for the 

AlN epilayers on sapphire substrate, we also attempted to grow AlN on commercial 

substrates as mentioned previously with the same growth parameters. It was observed that the 

AlN thickness achievable before cracking was reduced to about 1.2 µm after which more 

severe delamination could occur [see Figure 4.27 (c)]. This indicates that the commercially 

produced AlN layer leads to a much higher degree of tensile strain in the epitaxial growth. 

Figure 4.28 (a) shows the XRD FWHM values as a function of the MT-AlN thickness for 

(0002), (101̅2) and (101̅1) reflections. The XRD FWHM values decreases steadily with 

increasing the thickness of AlN. It was also observed that the regular and parallel atomic 

steps start to appear as thickness increasing [Figure 4.28 (b) and (c)]. Indeed, a pinned step 

will form when a threading dislocation with a screw component intersects the surface: the 

pinning of the step causes a surface displacement equal to the Burger vector normal to the 

surface, which manifests in steps connecting two dislocations of opposite sign [44]. Therefore, 

dislocation pinning affects the evolution of the steps during growth, and the density of 

pinning step can be reduced by decreasing screw type dislocation.  

Figure 4.29 shows AFM images of AlN epilayer grown on commercial substrates. The 

surface is atomically flat having jagged step-edge with atomic step heights. The average 

terrace width is about 100±10 nm. The XRD FWHM value of the (0002) and (101̅1) are 

around 34 and 800 arcsec for subsequent AlN epilayer, respectively.  
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Figure 4.27: Nomarski optical contrast micrograph of (a) a crack-free and (b) cracked AlN epilayer with 

2 and 3 µm thick, respectively. (c) a heavily cracked AlN grown on commercial substrate. 

 

(a) 2.0 µm on Sap   

(b) 3.0 µm on Sap   

(c) 1.4 µm on Kyma   
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Figure 4.28: (a) XRD FWHM values of the AlN samples grown on c-sapphire as a function of MT-AlN 

thickness. 2×2 μm
2
 AFM images of (b) 1.6 and (c) 3 µm thick MT AlN samples, respectively.  Solid lines 

are guidelines for the eye only. 

 

Figure 4.29: AFM image of (a) 5×5 µm
2
 and (b) 2×2 µm

2
 scanned AlN epilayer on commercial substrate 

exhibiting atomically flat and clearly resolved terrace width with atomic step height on the surface.  

Generally, the XRD FWHM0002 value is broadened by screw and mixed TDs, and the XRD 

FWHM101̅1 value is broadened by all TDs (screw, edge and mixed type), then the screw and 

edge type TDDs (NS and NE) in AlN can be roughly estimated from XRD FWHM results 

using the following equation [45]: 

                                                  𝛽ℎ𝑘𝑙 = √𝛽𝑡𝑖𝑙𝑡𝑐𝑜𝑠𝜒 + 𝛽𝑡𝑤𝑖𝑠𝑡𝑠𝑖𝑛𝜒                                      (4.13) 
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                                                          𝑁𝑆 = 𝛽𝑡𝑖𝑙𝑡
2 /4.35𝑏𝑐

2                                                   (4.14) 

                                                          𝑁𝐸 = 𝛽𝑡𝑤𝑖𝑠𝑡
2 /4.35𝑏𝑎

2                                                (4.15) 

Where βhkl is the measured XRD FWHM, χ is the angle between the reciprocal lattice vector 

(Khkl) and the (001) surface noraml, βtilt and βtwist are the tilt (out-of-plane rotation) and the 

twist (in-plane rotation) spreads, bc and ba are the Burgers vectors of the screw (bc=0.4982 

nm) and edge (ba=0.3112 nm) components, respectively. The estimated values of NS and NE 

for AlN epilayers are presented in Table 4.4. 

To further to investigate the dislocation behavior, TEM investigations on ~2.5 μm thick AlN 

epilayer grown on c-plane sapphire with ~0.08° miscut angle towards m-plane) was carried 

out by Kevin Kahn of Imperial College London. Cross-sectional weak beam dark field 

(WBDF) TEM images can be used to identify changes in the densities and the relative 

proportions of these dislocations using g=<0002> [Figure 4.30 (a)] and g=<112̅0> [Figure 

4.30 (b)] diffraction conditions, in which individual dislocations with screw type and edge 

type, respectively. In these images, TDs correspond to white lines. 

 

Figure 4.30:  WBDF cross-sectional TEM images of Sample α (a) g=0002 showing only c-type and (a+c)-

type TDs, (b) g=11�̅�0 showing both a-type and (a+c)-type TDs. 

It is clearly shown that large numbers of TDs were created at the AlN/sapphire interface, and 

dislocations decreased as the epilayer thickness increased. Some of the screw and edge TDs 

were bent with increasing epilayer thicknesses and annihilated by loop formation. Imura et al. 

[46] also observed similar results and reported that the transition of the growth mode by 
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thickness variation can reduce the number of dislocations, as these dislocations of opposite 

signs are forced to redirect towards each other resulting in dipole half-loop formation. 

Furthermore, it is found that the dense edge-type dislocations starting at the nucleation site 

thread the entire epilayer thickness and terminate at the surface. The screw and edge type 

TDDs estimated from TEM analysis are presented in Table 4.4.  

 

Parameters α-AlN β-AlN 

Total thickness ~2.5 µm ~1.5 µm 

AFM RMS surface roughness (5×5 µm
2
)
 0.3 nm ~0.14 nm 

FWHM of XRD (0002) reflection ~250 arcsec ~34 arcsec 

FWHM of XRD (10�̅�1) reflection ~500 arcsec ~800 arcsec 

Screw type TDs from XRD ~1.4×10
8
 cm

-2 
~2.5×10

6
 cm

-2
 

Edge type TDs from XRD ~1.7×10
9
 cm

-2
 ~4.6×10

9
 cm

-2
 

Screw type TDs from TEM ~2.2×10
8
 cm

-2
  

Edge type TDs from TEM ~1.3×10
9 

cm
-2

  

Table 4.4: Measured characterization results of optimized 3-step process AlN epilayers grown on c-plane 

sapphire (α-AlN) and Kyma substrate (β-AlN), respectively. 
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4.6 Conclusion  

Despite the rapid progress made in Group-III nitride materials growth, AlN is still typically 

grown on sapphire, which is cheaper but has a large lattice mismatch with the nitride based 

films. In this chapter different growth methods of AlN have been described and discussed. A 

growth window for Al-polar film was found.  

The reproducible of AlN is more complicated than expected. AlN recipes are particularly 

difficult to transfer between reactors, even those from the same design family, and recipes 

often need extensive modification and do not give the material of the same quality. AlN 

growth is extremely sensitive to the initial chemical condition of the reactor, and that small 

changes can have significant effects on growth. In a “dirty” and improper coating reactor 

condition, polarity and defect density turned out to be highly non-reproducible. A nitridation 

of the sapphire surface was taking place, because nitrogen containing impurities left over 

from the previous growth run. This unintended nitridation led to growth of N- or mixed-polar 

AlN with inversion domains and a high surface roughness. In order to avoid unwanted 

nitridation, by a H2 bake and proper TMAl pre-treatment, reproducibility was achieved.  

For a high miscut angle, in combination with a high growth temperature, step bunching 

occurred and explained by a negative ESB. The step bunching disappeared when lowering the 

miscut angle of the substrate or reducing the growth temperature resulting in an atomically 

smooth surface. 

It is also observed that a high quality AlN layers exhibited decreasing TDDs with increasing 

layer thickness due to dislocation climbing, bending and annihilation, verifying by XRD and 

TEM measurements. By successfully optimizing all parameters of each growth series, the 

(0002) and (101̅1) XRD FWHM values were finally reduced to around 280 arcsec and 500 

arcsec with three-step growth on 0.08°±0.02° miscut angle of sapphire with smooth and 

crack-free surface. 
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5 
MOVPE Growth of Planar Undoped 

AlGaN on AlN Template 

5.1 Introduction 

In recent years, high Al content AlGaN alloys have attracted great interest as an important 

photonics and electronic material due to their applications in ultraviolet (UV) light emitting 

diodes (LEDs), laser diodes (LDs), solarblind photodetectors (PDs) and high electron 

mobility transistors (HEMTs) [1, 2, 3, 4]. The direct growth of a thick (≥ 1 µm) AlGaN 

(Al≥10%) layer on a pseudo GaN substrate is extremely difficult, because tensile stress 

generated in the AlGaN layer leading to cracks, thus degrading the quality of the film [5]. 

The use of low-temperature interlayers and short period superlatice layers have been 

demonstrated to be available method to avoid this problem and allow crack-free growth of 

thicker and higher Al content AlGaN layers on GaN [6, 7, 8]. Meanwhile, high crystalline 

quality Al0.2Ga0.8N have been realized by the SiNx nanomask deposition process [9, 10]. 

However, the use of GaN template drastically decreases the light extraction efficiency in 

LEDs with emission wavelength ≤ 360 nm due to strong UV light absorption. Hence, low Al 

content AlGaN grown on GaN template have only been used in limited applications, mainly 

for HEMTs [4] and near UV LEDs above 365 nm [11]. 

As an alternative, the growth of high (x≥50%) Al content AlxGa1-xN on AlN-on-sapphire 

“templates” with low dislocation density should be considered for UV LEDs [12, 13, 14, 15, 

16, 17, 18]. Growth of AlGaN on AlN is preferred over GaN as the compressive strain 

introduced into the AlGaN eliminates the risk of cracking, in addition to offering the benefits 

of transparency in obtaining good light extraction efficiency. However, on the c-plane, the 

accommodation of the lattice misfit between AlN and AlGaN is a large issue: it induces 

additional dislocations at the AlN/AlGaN interface, which only partially relax the film. This 

incomplete relaxation means there is a large residual compressive strain in the overgrown 
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material. For UV LEDs the increase in dislocation density must be minimized, the residual 

compressive strain reduced and the effect on the surface morphology addressed.  

In this chapter, the growth and characterization of undoped AlxGa1-xN epilayers by 

employing different growth conditions and templates will be described.  

5.2 Experimental details 

Trimethylgallium (TMGa) and Trimethylaluminium (TMAl) were used as group-III 

precursors, while ammonia (NH3) was the group-V precursor for the growth of AlxGa1-xN 

epilayers. All samples were prepared on pre-grown AlN templates on sapphire. The AlN 

templates were reintroduced in the reactor and were overgrown with AlxGa1-xN films on a 

thin AlN connecting layer. AlN template: type α was prepared by a three-step temperature 

process on c-plane sapphire (FWHM002=280 arcsec and FWHM101 =550 arcsec), while type β 

was prepared through AlN overgrowth on c-plane sapphire with a thin 50 nm AlN nucleation 

layer prepared commercially (FWHM002=35 arcsec and FWHM101 =850 arcsec). 6 sets of 

samples have been grown with a typical structure and growth sequence as illustrated in 

Figure 5.1(a) and (b). The overview of growth condition is given in Table 5.1.  

The reactor was maintained at 50 mbar for all series. The total MO precursors (TMGa+TMAl) 

were maintained at 30 µmol/min, and samples were grown at 1110 °C in first three sets (I, II, 

and III).  In the first set (I), the V/III ratio was changed from 100 to 2343 keeping with a 

constant TMGa/TMAl ratio of 2. The NH3 flow rate was changed from 3 mmol/min (67.2 

sccm) to 70.3 mmol/min (1575 sccm). In the second set (II), the TMGa/TMAl ratio was 

varied from 0 to 6 with a V/III ratio of 781. In the third set (III), the TMGa/TMAl ratio was 

varied from 1 to 5 with a constant V/III ratio of 100 grown on two different kinds of AlN 

templates (three-step process of AlN on c-plane sapphire templates α and AlN Kyma 

templates β). In the last three sets (IV, V and VI), the V/III and TMGa/TMAl ratio were 

maintained at 781 and 2, respectively. The MO and NH3 flow rate were changed 

proportionally, and growth temperature was adjusted between 1110 and 1245 °C.   

The main targets of this section include: Section 5.3.1 is to investigate the control of AlN 

content in AlxGa1-xN by varying V/III ratio, TMGa/TMAl ratio, growth rate and growth 

temperature, and then determine Al content by XRD and PL measurements. Section 5.3.2 is 

to study the microstructural properties of samples using XRD and in-situ curvature 

measurement. Section 5.3.3 is to investigate the surface morphology, which was assessed by 
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Nomarski interference light microscopy using an Olympus BX51M and atomic force 

microscopy (AFM) using a Mulitimode
TM

 Veeco with analysis using WSxM freeware [19]. 

Additionally, cathodoluminescence (CL) in a secondary electron microscope (SEM) enables 

information to be obtained on the surface morphology and the optical properties at the same 

time for studying the distribution of Al content on the surface (All the SEM-CL images are 

taken by Gunnar Kusch at the University of Strathclyde). 

 

 

Figure 5.1: (a) Schematic of the undoped AlxGa1-xN structure and (b) growth sequence on AlN/sapphire 

template. 

Set 
V/III 

ratio 
TMGa/TMAl 

MO 

(µmol/min) 

GT 

(
o
C) 

Thickness 

(µm) 
Template 

(I) 100-2343 2  30 1110 1 (α) 

(II) 781 0-6  30 1110 1 (α) 

(III) 100 1-5  30 1110 1 (α) and (β)  

(IV) 781 2 15-60 1110 1.5 (α) and (β)  

(V) 781 2 60-150 1190 1.5 (α) and (β)  

(VI) 781 2 60-180 1245 1.5 (α) and (β)  

Table 5.1: Sample overview for variation of V/III ratio, TMGa/TMAl ratio, metal-organic (MO) flow rate 

(TMGa+TMAl), growth temperature (GT) and template for AlxGa1-xN epilayers growth. 
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5. 3 Results and discussion  

5.3.1 Control of Al content in AlxGa1-xN   

To measure the Al content of the isotropic strained state of AlxGa1-xN epilayers in the c-plane, 

equations (3.17) and (3.18) were solved to determine the Al content,  𝑥: 

                
𝑐𝐴𝑙𝐺𝑎𝑁
𝑚𝑒𝑎𝑠 −[𝑥𝑐𝐴𝑙𝑁+(1−𝑥)𝑐𝐺𝑎𝑁]

𝑥𝑐𝐴𝑙𝑁+(1−𝑥)𝑐𝐺𝑎𝑁
= −

2[𝑥𝜐𝐴𝑙𝑁+(1−𝑥)𝜐𝐺𝑎𝑁]

1−[𝑥𝜐𝐴𝑙𝑁+(1−𝑥)𝜐𝐺𝑎𝑁]
×

𝑎𝐴𝑙𝐺𝑎𝑁
𝑚𝑒𝑎𝑠 −[𝑥𝑎𝐴𝑙𝑁+(1−𝑥)𝑎𝐺𝑎𝑁]

𝑥𝑎𝐴𝑙𝑁+(1−𝑥)𝑎𝐺𝑎𝑁
     (5.1) 

It is easy to obtain a solution for 𝑥 in following cubic equation, 

                                                     𝐴𝑥3 + 𝐵𝑥2 + 𝐶𝑥 + 𝐷 = 0                                              (5.2) 

where 

𝐴 = −(𝜐𝐴𝑙𝑁 − 𝜐𝐺𝑎𝑁)(𝑎𝐴𝑙𝑁 − 𝑎𝐺𝑎𝑁)(𝑐𝐴𝑙𝑁 − 𝑐𝐺𝑎𝑁) 

𝐵 = −[(1 + 𝜐𝐺𝑎𝑁)(𝑎𝐴𝑙𝑁 − 𝑎𝐺𝑎𝑁)(𝑐𝐴𝑙𝑁 − 𝑐𝐺𝑎𝑁)] − (𝜐𝐴𝑙𝑁

− 𝜐𝐺𝑎𝑁)[(𝑎𝐴𝑙𝑁 − 𝑎𝐺𝑎𝑁)(𝑐𝐺𝑎𝑁 + 𝑐𝐴𝑙𝐺𝑎𝑁
𝑚𝑒𝑎𝑠 ) + (𝑎𝐺𝑎𝑁 − 2𝑎𝐴𝑙𝐺𝑎𝑁

𝑚𝑒𝑎𝑠 )(𝑐𝐴𝑙𝑁 − 𝑐𝐺𝑎𝑁)] 

𝐶 = (𝑎𝐴𝑙𝑁 − 𝑎𝐺𝑎𝑁)[(1 − 𝜐𝐺𝑎𝑁)𝑐𝐴𝑙𝐺𝑎𝑁
𝑚𝑒𝑎𝑠 − (1 + 𝜐𝐺𝑎𝑁)𝑐𝐺𝑎𝑁] + (𝑐𝐴𝑙𝑁 − 𝑐𝐺𝑎𝑁)[2𝜐𝐺𝑎𝑁𝑎𝐴𝑙𝐺𝑎𝑁

𝑚𝑒𝑎𝑠

− (1 + 𝜐𝐺𝑎𝑁)𝑎𝐺𝑎𝑁] 

𝐷 = 𝑎𝐺𝑎𝑁𝑐𝐴𝑙𝐺𝑎𝑁
𝑚𝑒𝑎𝑠 (1 − 𝜐𝐺𝑎𝑁) − (1 + 𝜐𝐺𝑎𝑁)𝑐𝐺𝑎𝑁𝑎𝐺𝑎𝑁 + 2𝜐𝐺𝑎𝑁𝑎𝐴𝑙𝐺𝑎𝑁

𝑚𝑒𝑎𝑠 𝑐𝐺𝑎𝑁 

The measured lattice parameters 𝑐𝐴𝑙𝐺𝑎𝑁
𝑚𝑒𝑎𝑠  and 𝑎𝐴𝑙𝐺𝑎𝑁

𝑚𝑒𝑎𝑠  were determined from the peak positions 

on the (0002), (0004) and (101̅5) reflections, found using ω-2θ scans and ω/ω-2θ reciprocal 

space maps, respectively. We used literature values for the lattice parameters and Poisson’s 

ratios of GaN and AlN [20, 21, 22], which are summarized in Table 5.2. These lattice 

parameters were then used to calculate the epilayer compositions and equivalent relaxed 

lattice parameters assuming that Vegard’s Law holds for AlGaN. 

 Poisson ratio υ a (Å) c (Å) 

GaN [20] 0.203 3.1884 5.1850 

AlN [21,22] 0.225  3.111 4.981  

Table 5.2: The lattice parameters and Poisson ratio of GaN and AlN [20, 21, 22]. 

The DUV PL spectroscopy (244 nm, cw Ar-ion laser) has been employed to measure the 

near-band-edge (NBE) emission of AlxGa1-xN peak at room temperature (RT), so the NBE 
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emission below 244 nm (5.082 eV) cannot be detectable. The Al content was calculated by 

using Equation [23],  

                                        𝐸𝑔 = (1 − 𝑥)𝐸𝑔(𝐺𝑎𝑁) + 𝑥𝐸𝑔(𝐴𝑙𝑁) − 𝑏𝑥(1 − 𝑥)                      (5.3) 

Where the bowing parameter b is 1 eV [23], the energy gaps for GaN and AlN were assumed 

to be 3.42 eV [24] and 6.1 eV [25], respectively at RT. The accuracy is affected by the 

derivation of the NBE emission as well as the evaluation implying simplifications (strain 

state, single bowing parameter in spite of valence band crossing) leading to an estimated 

uncertainty of ±2%. For the XRD and PL measurements, the analysis was carried out for the 

highest intensity peak which was likely to be most representative of the samples. It is also 

worth mentioning that the deviation between XRD and PL results may lie in the detectable 

area (size and depth) as well as selection of calculation parameters.  

In Set (I), the Al composition of the epilayers were calculated from the lattice parameters 

measured in XRD and NBE emission in PL against V/III ratio [Figure 5.2 (a)]. Figure 5.2 (b) 

shows the growth rates of AlN and GaN in AlxGa1-xN against V/III ratio.  

 

Figure 5.2: (a) Al composition in AlGaN layers determined from XRD and PL against the V/III ratio. (b) 

Growth rates of AlN and GaN in AlGaN layers and the growth rate of AlGaN against the V/III ratio for 

set (I).  

It is observed that Al composition drops with increasing V/III ratio as shown in Figure 5.2 (a). 

The AlGaN growth rate was constant when V/III ratio is above 781 in Figure 5.2 (b). 

However, a pronounced impact of high V/III ratio on the partial growth rate of GaN in 

contrast to the respective AlN component [see Figure 5.3 (b)]. The effect of V/III ratio on the 
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AlGaN growth rate is mainly caused by two processes. Firstly, the incorporation rate of Al 

slightly decreases with increasing V/III ratio, which can be explained by increase of parasitic 

reactions due to increasing of the NH3 concentration [26]. Lower V/III ratios can help reduce 

the rate of losses by formation of larger oligomeric species and by gas phase nano-particle 

formation [27].  

Secondly, at high temperature above 950 °C, GaN is known to be subject to the interaction 

with hydrogen (H2), which is also referred to as “GaN etching” , but not observed in a 

nitrogen (N2) ambient at comparable conditions [27, 28]. Hence, the resulting effective 

growth rate of GaN with the H2-NH3 ambient is equal to the transport limited incorporation 

rate minus the decomposition (etching) rate (GaNGR = GaNIR – GaNDR). The effective growth 

rate of Ga significantly increases with increasing V/III ratio from 100 to 781, which could be 

contributed from two reasons: (1) the suppression of decomposition of GaN through 

enforcing the reaction of liquid Ga (Galiq) to GaN by increasing NH3 concentration (NH3 + 

Galiq ↔ GaN + 3/2H2) [29], and (2) perhaps insufficient NH3 precursor can react with TMGa 

precursor during growth under low V/III condition, because NH3 is decomposed only up to 4% 

at 950 °C (at this temperature ammonia gets cracked catalytically at the growing surface, NH3 

↔ 1/2N2 + 3/2H2) [30, 31]. In addition, XRD and PL show that broader AlxGa1-xN peaks 

appear as Al content decreases due to inhomogeneous distribution of strain state and/or 

composition as shown in Figure 5.3 (a) and (b).  

 

Figure 5.3: (a) PL spectra and (b) XRD measurement of the ω-2θ scan (0002) reflections of AlxGa1-xN for 

set (I). 



 

 

107 

 

Another efficient way to vary Al content is changing TMGa/TMAl ratio in AlxGa1-xN, 

because Al (or Ga) contents are expected to be stable against phase segregation under 

common growth conditions. Generally, for 100% incorporation efficiency of Al (or Ga) 

without the presence of parasitic reactions for V/III≫1, the Al compostion XAl of an alloy 

AlxGa1-xN can be expressed as a linear dependence as the same content of the precursors in 

gas phase [XAl=2TMAl/(TMGa+2TMAl)]. The factor of 2 in the TMAl flow is due to TMAl 

being a dimer (i.e., every molecule in the vapour contains two Al atoms) in the gas phase at 

room temperature [32]. In Sets (II) and (III), NH3 flow rate, V/III ratio and total MO flow rate 

were maintained the same, but only varying TMGa/TMAl ratio during experiments.      

Figure 5.4 (a) shows a plot of the Al content against the 2TMAl/(TMGa+2TMAl) ratio for 

the samples grown at the V/III ratio of 781 and 100, respectively. It is clear to show that the 

Al content decreases with dropping 2TMAl/(TMGa+2TMAl) ratio. On the other hand, an 

increase in Al incorporation rate while maintaining the same 2TMAl/(TMGa+2TMAl) ratio 

can be achieved by simply reducing the NH3 flow rate, which was also observed and 

explained in Set (I). Figure 5.4 (b) shows a comparison between the effective growth rates of 

the AlN and GaN, AlxGa1-xN against the 2TMAl/(TMGa+2TMAl) ratio. No significant 

amounts of Al are being lost for pre-reactions (PRs) in set (II) and (III), and the change in 

composition between the two series is mainly controlled by the Ga decomposition process 

described previously.  

 

Figure 5.4: (a) Al composition against the TMGa/TMAl ratio for set (II), (IIIα) and (IIIβ). (b) Growth 

rates of AlN and GaN and the growth rate of AlGaN against TMGa/TMAl ratio for set (II) and (IIIα). 

PL shows that the AlxGa1-xN layers of Set (II) have shoulder peak emission, when Al 

composition is below 50% as shown in Figure 5.5 (a). The shoulder emission at longer 

wavelengths indicates the significantly inhomogeneous distribution of composition and/or 
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strain state. The ω/2θ (0002) peak of AlxGa1-xN also became broader as decreasing Al 

composition same as Set (I) [Figure 5.5 (b)]. This inhomogeneous distribution feature will be 

confirmed in the next section.  

 

Figure 5.5: (a) PL spectra and (b) XRD measurement of the ω-2θ scan (0002) reflections of AlxGa1-xN for 

set (II). 

Figure 5.6 (a) shows a plot of the Al content (measured by XRD) against the total MO and 

NH3 flow rate grown at the constant V/III ratio of 781 for Set (IV), (V) and (VI). The Al 

content decreases as MO flow rate increases as the GaN incorporation rate into the film rises 

but the decomposition rate of GaN is not expected to change too much when growth 

temperature, pressure, TMGa/TMAl ratio and the V/III ratio are maintained. Additionally, 

noticeable differences between the two template types are observed. In all cases, the Ga 

incorporation is higher on samples prepared on β templates, which can be explained by a 

strain based composition pulling effect [33, 34]. This effect causes the gradual compositional 

to change in the epilayer due to any compressive strain caused by lattice mismatch between 

epilayer and the underlying template. In Section 5.3.2, it is shown that the relaxation value of 

samples grown on β templates is higher than that for samples grown on α templates measured 

by (101̅5) XRD reciprocal space mapping (RSM).  

Figure 5.6 (b), (c) and (d) show a comparison between the growth rates of the AlxGa1-xN, 

AlN and GaN against the MO flow rate. It is clear to see that the growth rate of GaN 

decreases with increasing growth temperature due to higher decomposition rate of GaN, and 

results in increasing Al content, while the MO flow rate and V/III ratio are maintained. 
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However, The Al content can be increased via raising the MO flow rate at higher temperature. 

The growth rate of Al didn’t change linearly with increasing MO flow rate at higher 

temperature maybe due to the pre-reaction of TMAl at gas phase. 

 

Figure 5.6: (a) Al composition, growth rates of (b) AlxGa1-xN, (c) AlN and (d) GaN against the MO and 

NH3 flow rate for set (IV), (V) and (VI). 

In summary, it is clear to see that the Al and Ga incorporation rate are different via changing 

growth condition and template. Using kinetic model of Xi et al [35], as expressed in Equation 

5.3, it has be proposed to explain the bowing relationship between the Al content in solid 

phase and the group-III precursors molar flow rate ratio in gas phase within 𝑋𝐴𝑙=0-100% 

when keeping the total group-III flow rate constant by taking into account the molar growth 

rate at unit molar flow rate ratio between AlN and GaN (γ=GAlN/GGaN), 

                                        𝑋𝐴𝑙 =
𝐺𝐴𝑙𝑁×2𝐹𝐴𝑙𝑁

𝐺𝐴𝑙𝑁×2𝐹𝐴𝑙𝑁+𝐺𝐺𝑎𝑁×𝐹𝐺𝑎𝑁
=

2𝛾𝐹𝐴𝑙𝑁

2γ𝐹𝐴𝑙𝑁+𝐹𝐺𝑎𝑁
                                (5.3) 
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Where FAlN and FGaN are molar flow rates of TMAl and TMGa precursors (µmol/min), GAlN 

and GGaN are the growth rate at unit molar flow rate of TMAl and TMGa (nm/µmol), 

respectively. Figure 5.7 shows a group of theoretical calculation curves with different γ 

plotted with our experimental results from Series (I), (II) and (III). Firstly, pre-reactions are a 

well-known problem and expected for Al and NH3 in the gas phase for MOVPE growth, 

since it is a spontaneous and strongly exothermic reaction. This depletes the source flow of 

the Al content, artificially increasing the Ga content within the alloy [31]. However, a γ factor 

greater than 1 (convex bowing) implies that no significant amount of Al is being lost to pre-

reactions in our experimental Sets (I), (II) and (III) (Figure 5.7). Secondly, the effective 

incorporation of Ga is increased by increasing NH3 flow rate due to the suppression of GaN 

decomposition in set (I) [Figure 5.7 (a)].  Finally, when the total MO flow rate is fixed at 30 

µmol/min in sets (II) and (III), an increasing TMAl flow rate is equivalent to reduce TMGa 

proportionally (TMGa
↓
 = MOTotal − TMAl

↑
) and results in higher NH3/Ga ratio. Therefore, 

an increasing of 2TMAl/(2TMAl+TMGa) ratio results in a lower γ value, this implies that 

effective Ga incorporation rate is also increased.   

 

Figure 5.7: The relation of the Al composition of AlxGa1-xN in solid phase and the ratios of 

2TMAl/(2TMAl+TMGa)  in gas phase with  theoretical curves in dashed lines as given by equation (5.3), 

image (a) for series (I) and (b) for series (II) and (III). 

Figure 5.8 shows a group of calculation curves with different γ factor and inserts 

experimental results of series (IVα), (Vα) and (VIα). It is clear to see that at high growth 

temperature Ga desorption is found to be an issue leading to high Al content films and high γ 

factor (inserted arrows indicate that the Al composition change as a function of growth 

temperature with same MO flow rate). In order to suppress this effect, increasing the MO 

flow rate can improve the incorporation efficiency of TMGa.  
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In summary, the γ factor depends on particularities of the process, specifically on V/III ratio, 

TMAl/TMGa ratio, precursor flow rate and growth temperature. These parameters influence 

two parts: pre-reaction rate of TMAl precursor and Ga desorption rate, which ultimately 

determines the net incorporation rate. Certain conditions, like high growth temperature 

(above 1110 °C), low V/III ratio (low NH3 flow rate) and strong compressive strain may lead 

to low Ga supersaturation and high Al supersaturation during AlGaN growth.   

 

 

Figure 5.8: The relation of the Al composition of AlxGa1-xN in solid phase against growth temperature and 

the ratios of 2TMAl/(2TMAl+TMGa)  in gas phase with  theoretical curves in straight lines with different 

γ value as given by equation (5.3) for series (IVα), (Vα) and (VIα). 
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5.3.2 Structural Properties 

XRD measurements 

Figure 5.9 shows the FWHM values of XRD (0002) and (101̅1) reflections of the AlGaN 

epilayers against Al content for all series. The FWHM0002 values of AlxGa1-xN epilayers 

indicated that the crystal quality due to lattice tilt (dislocations with a screw component) 

degrades as the Ga content increases in all sample sets [Figure 5.9 (a)] as expected due to the 

increased lattice mismatch to the AlN templates. However, the AlxGa1-xN FWHM101̅1 values 

do not follow this trend, as shown in Figure 5.9 (b), suggesting that the higher density of edge 

dislocation is more invariant. Indeed for the highest Ga content layers grown on template β 

the FWHM101̅1 reduces, suggesting some dislocation annihilation in this case. In this direct 

epitaxy method without any interlayer or short period superlattices, the material quality is 

highly dependent on the template quality and independent of the growth conditions.  

 

Figure 5.9: FWHM values of (a) (0002) and (b) (10�̅�1) XRD rocking curves in all series of samples, the 

FWHM values of α and β type template are also inserted in figures. 

The primary source of strain affecting AlGaN epilayer is the difference of in-plane (a) and 

out-of plane (c) lattice parameters that exists between the epilayer and template. The 

distances between the surface atoms of our AlN template to which the AlGaN adatoms 

conform in binding to the surface induce compressive strain. This initial strain due to lattice 

mismatch in AlGaN epilayers is modified by strain relaxation mechanisms, which results in 

non-coherent pseudomorphic growth after some critical thickness.  

Figure 5.10 shows the AlxGa1-xN epilayers relaxation as a function of the Al content for all 

series by XRD. It is found that strain relaxation value rises with increasing Ga content. The 
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strain relaxation value is consistently higher for epilayers grown on β template, maybe 

attributed to the high edge type dislocation density in β template.  

 

Figure 5.10: AlxGa1-xN relaxation as a function of the Al content for (a) Series (I) to (III) and (b) Series 

(IV) to (VI).  

The RSMs of the 101̅5 reflections were carried out in order to visually contrast the lattice 

mismatch between AlN and AlxGa1-xN peaks in one map. The (101̅5) RSMs of series (II) 

AlxGa1-xN selected samples with various Al composition from x=1 to x=0.36 on the α 

template grown at 1110 °C are shown in Figure 5.11, where Qx and Qz indicate the 

directions parallel and perpendicular to the interface of template, respectively (rlu means the 

reciprocal lattice unit). The vertical and inclined lines represent the positions of a fully 

strained and fully relaxed layer grown on AlN template, respectively. The red line cross the 

centre of AlGaN ellipse starting from fully strained to relaxed line means that the position of 

AlGaN grown on AlN start from fully strained to fully relaxed.  

It is observed that a broadening of AlxGa1-xN peak is visible as the Al content decreasing by 

comparing the ellipses, which suggests that material quality degrades. Simultaneously, 

maximum position of the AlxGa1-xN layers did not perpendicularly align to the AlN templates 

with respect to the different arrangement in their in-plane directions and moved closer to fully 

relaxed line. This indicates that AlxGa1-xN layers grown on the AlN templates are not 

pseudomorphically grown and the mismatch strain is higher with lower Al contents. 
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Figure 5.11: RSM of (10�̅�5) reflection of selected samples (a) Al=73±2%, (b) Al=64±2%, (c) Al=48±2% 

and (d) Al=36±3% grown on α template from series (II). Green line is fully relaxed line, black line is fully 

strained line and red line corresponds to certain composition from fully strained to fully relaxed. 

Acronym R is relaxation value.  

For investigations of the strain state of AlxGa1-xN (x=0.61±0.02) grown at different 

temperatures and on two different template types (Figure 5.12), asymmetric RSMs were 

created around the (101̅5) reflection. Firstly, comparing Figure 5.12 (a) and (b), (c) and (d), 

the peak position of AlGaN grown on β template is closer to fully relaxed line than sample 

grown on α template. This indicates that the AlGaN layers grown on the β template are more 

relaxed. The major difference between α and β template is dislocation density, which has 

been revealed in Chapter 4. This suggests that the high density of pure edge type dislocations 

can relive much of the in-plane compressive strain during u-AlGaN growth. Secondly, there 
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is a slight difference in strain state when the sample is grown at 1110 °C and 1245 °C on the 

same template, which may suggest that the layer relaxed more slowly at higher growth 

temperature with higher growth rate.  

 

Figure 5.12: Asymmetrical RSM of (10�̅�5) reflection of selected samples with Al composition around 60% 

grown on α and β template from series (IV) and (VI).  Acronym R is relaxation value. 

In-situ optical measurements   

Relaxation measurement in XRD averages the strain across the entire AlGaN epilayer due to 

deep penetration depth of X-rays, where the determined strain state is measured at post-

growth stage. In-situ wafer curvature measurement has the benefit to determine the strain at a 

specific thickness of the growing sample at the growth temperature. If the surface strain state 

of AlGaN epilayer doesn’t change (no introduction of extrinsic and/or intrinsic strain) with 

increasing layer thickness, the wafer curvature value will stay constant. In practice, some 
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relaxation occurs by generation of dislocations and/or bending of existing dislocations for 

AlGaN growth. This process relieved some fraction of the strain and therefore rate of change 

of wafer curvature can change as a result.  

Figure 5.13 shows the wafer curvature measured during growth and cooling down to RT for 

selected samples in series (II), which was extracted by the Laytec in-situ curvature monitor 

system. The Al composition of selected samples is from 82±2% to 40±3%. It is noted that 

periodic oscillations in samples with 82±2% and 73±2% Al content arise from laser 

interference effects and are not due to epilayer stress.  

During temperature ramp up the concave curvature increased rapidly, primarily in this case 

due to the different thermal expansion of sapphire substrate and the AlN epilayer on the 

template. The vertical temperature gradient effect on the template also led to a different 

thermal expansion of the upper and lower surfaces, respectively. Furthermore, the wafer 

edges can cool more effectively than the centre leading to differing expansion across the 

surface laterally.    

During AlN connecting layer growth further tensile strain AlN increased the concave 

curvature value slightly more. 

The AlxGa1-xN epilayers grown on the AlN templates are under compressive stress due to the 

larger in-plane lattice parameter of AlxGa1-xN, and therefore the wafer curvature value 

decreases and bows toward the original flat wafer condition and even convex values. As 

expected, all of the samples showed decreasing curvature as the AlGaN epilayer thickness 

increased. The respective AlxGa1-xN epilayers have inherently different degrees of 

compressive strain due to the Al composition, as evidenced by the larger slope corresponding 

to the lower Al content at the start of the AlxGa1-xN growth step, attributed to the higher 

lattice mismatch with the AlN template. With further growth, the gradient of curvature was 

observed to decrease gradually, suggesting that the relaxation of compressive strain appeared 

during growth. 

The in-situ measurements of emissivity-corrected temperature, 633 nm reflectance and in-situ 

curvature data as a function of time for selected AlGaN growth runs of series (IV) and (VI), 

are shown in Figure 5.14. Note that the VIα Al=60±2% and VIβ Al=61±2% are not from 

same growth run, but they have similar Al content. In the reflectance measurement at 633 nm, 

the reflectance intensity-maxima and minima of AlGaN grown on both templates approached 

the constant value with increasing layer thickness, and their curves were almost horizontally 
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aligned in Figure 5.14 (c) and (d). This suggested that epilayer thickness fluctuations were 

only on a nanometre scale. The RMS surface roughness of these samples was less than 5 nm, 

as measured by 20×20 µm
2
 AFM scans as shown in Section 5.3.3. 

 

Figure 5.13: wafer curvature measurements during growth for selected samples in series (II). Growth 

sequence included temperature ramp up (TR), thermal annealing (TA), AlN connecting layer and AlGaN 

overgrowth.  

The in-situ measurements of emissivity-corrected temperature, 633 nm reflectance and in-situ 

curvature data as a function of time for selected AlGaN growth runs of series (IV) and (VI), 

are shown in Figure 5.14. Note that the VIα Al=60±2% and VIβ Al=61±2% are not from 

same growth run, but they have similar Al content. In the reflectance measurement at 633 nm, 

the reflectance intensity-maxima and minima of AlGaN grown on both templates approached 

the constant value with increasing layer thickness, and their curves were almost horizontally 

aligned in Figure 5.14 (c) and (d). This suggested that epilayer thickness fluctuations were 

only on a nanometre scale. The RMS surface roughness of these samples was less than 5 nm, 

as measured by 20×20 µm
2
 AFM scans as shown in Section 5.3.3. 

Distinct differences were apparent from the in-situ wafer curvature measurements for 

samples grown on α and β template as shown in Figure 5.14 (e) and (f).  The curvature value 

continually decreased with increasing layer thickness for AlGaN grown on α template, but 

the curvature value approached constant for AlGaN grown on β template. As mentioned in 

asymmetric (101̅5) RSM XRD measurements, the relaxation value of these AlGaN grown on 

α and β template is around 15 and 50 %, respectively. These results indicated that most of 
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strain has been relieved initially by dislocations, and less relaxation then took place as further 

growth for sample grown on β template. The reason for that could be a high density of pure 

edge type dislocation in β template. 

 

Figure 5.14 In-situ LayTec measured (a) & (b) growth temperature, (c) & (d) reflectance at 633 nm and (e) 

& (f) wafer curvature during AlGaN for series (IV) and (VI), respectively. Steps “1”, “2” and “3” denote 

thermal annealing, AlN connecting layer growth and AlGaN overgrowth, respectively. The reflectance of 

gradient is marked by arrows. 

The strain relaxation in the growth of AlGaN on AlN has been discussed by many groups [36, 

37, 38, 39, 40, 41, 42]. The relaxation of in-plain compressive strain has been reported to 

correlate with point defect (group-III vacancies) concentration, misfit dislocations (MDs) and 

the inclination of pure edge type threading dislocations (TDs). Several contrasting models 

have been proposed to describe the relaxation process, involving bulk-energy balancing [36, 

37], surface-mediated climb [38, 39, 40] and “pinning” of dislocation [41, 42]. More details 

about strain relaxation will be discussed in Section 6.3.1. 

In summary, despite many arguments in the strain relaxation model, it is generally accepted 

that the strain relaxation process occurs by defects (point defects and dislocations). Ideally, 

strain engineering and prevention of relaxation is important for obtaining AlGaN layers with 

a similar dislocation density as the underlying AlN template. 
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5.3.3 Control of the surface morphology 

Root-mean squared (RMS) surface roughness of undoped AlxGa1-xN was estimated by 

multiple 20×20 μm
2
 AFM scans for series (I), (II) and (III) as shown in Figure 5.15 (a). It is 

observed that the surface RMS roughness is higher with an increasing Ga content. Figure 

5.15 (b) and (c) reveal that the morphology on the micrometre scale drastically worsens with 

decreasing Al content.  

 

 

Figure 5.15: (a) the RMS roughness of the AlxGa1-xN epilayers as a function of Al composition for series I, 

II and III.  (b) and (c) Nomarski optical microscope images of selected samples from series II. 

The AlxGa1-xN with a various Al composition obviously exhibits a morphology evolution in 

series (II) from AFM scans [Figure 5.16 (a-h)]. Generally, the AlN template is grown under a 

low V/III ratio (≤100) condition as shown in Chapter 4, which leads to a smooth step-flow 

mode surface morphology with pinned steps and an RMS roughness of around 0.4 nm. These 

pinned steps are associated with the screw-type threading dislocations causing surface 

displacements normal to the surface as shown in Figure 4.28 (b). With a high V/III ratio 

(≥781), the effective Al adatom diffusion length becomes shorter, which leads to spiral 

hillock growth around screw-type dislocation as shown in Figure 5.16 (a). The dislocation 

line is normal to the surface. A high density of Al(Ga)N spiral hillocks became less when Al 

composition decreases from 100% to 60 % [Figure 5.16 (a-d) and (i-l)]. Surface bunched 

steps appeared and turned into flat topped islands when Al composition continually decreased 

from 56 to 37% as shown in Figure 5.16 [Figure 5.16 (e-h) and (m-p)].  
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Figure 5.16: (a) 20×20 µm
2 

AFM images of AlxGa1-xN from series II. (b) Extracted line scans from locally 

plane fitted AFM scans of series II [corresponding to red line in (a)]. 

In order to investigate the uniformity of Al and Ga distribution on the large scale surface 

morphology and probe the luminescence properties of the AlGaN epilayer, the combination 

of SE and CL hyperspectral imaging were conducted. The SE images of AlxGa1-xN 

(x=0.56±0.02 and =0.40±0.03) in Figure 5.17 (a) and 5.18 (a) reflect the topography in the 

corresponding AFM measurement in Figure 5.16(a). Figure 5.17 (b&d) and (c&e) show the 

10×10 µm
2
 maps of the fitted CL peak energy and intensity, respectively, of the Al0.56Ga0.44N 

near band edge (NBE) peak, which were acquired from the centre of the SE image in Figure 

5.17 (a). The energy map in Figure 5.17 (b) shows planar regions with a peak centred on 4.60 

± 0.02 eV. The intensity of the 4.60 ± 0.02 eV peak is mostly constant over the measured 
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planar area, while there is a large drop in intensity along the step edges seen in the Figure 

5.17 (c). The 4.34 ± 0.04 eV luminescence [Figure 5.17 (d)] is highly localized and only 

occurs along the step edges with a 20 times lower intensity than the intensity of planar 

regions. This indicates that along step edges the growth conditions of AlGaN are different 

than on the otherwise smooth sample surface. In addition, the average height of bunched step 

edges is around 15±5 nm, the vertical range of the Al0.56Ga0.44N surface is shown in Figure 

5.16 (m). 

Figure 5.17: SE image (a) and fitted 10×10 µm
2
 CL-maps of the peak energy [(b) and (d)] and intensity [(c) 

and (e)] of Al0.56Ga0.44N from Series II. 

The plan-view SE image [Figure 5.18 (a)] illustrates a very rough surface as expected due to 

large relaxation from XRD data, which has the Al content of 40±3%. Hyperspectral CL 

imaging of a 10×10 µm
2 

area in the centre of the SE images reveals two NBE AlGaN peaks at 

4.34 ± 0.02 eV for planar regions [Figure 5.18 (b)] and 4.15 ± 0.05 eV for step edges [Figure 

5.18 (d)]. The emission intensity is nearly same for planar regions [Figure 5.18 (c)] and step 

edges [Figure 5.18 (e)], which suggests large lateral compositional variation, and also 

identify the origin of the PL shoulder in the corresponding RT-PL measurement in          

Figure 5.5 (a). Its average height of step edges is approximately 35±5 nm, the vertical range 

of the Al0.4Ga0.6N surface is shown in Figure 5.16 (o).  

In both cases the CL shows a red shift in emission energy (longer emission wavelength) on 

the step edges, which has been also observed by others [43, 44, 45, 46, 47]. These variations 

in the emission energy could be caused by the combination of two effects based on strain 

relaxation and the difference of mobility of the Ga and Al adatoms.  
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Figure 5.18: SE image (a) and fitted 10×10 µm
2
 CL-maps of the peak energy [(b) and (d)] and intensity [(c) 

and (e)] of Al0.4Ga0.6N from Series II. 

As mentioned in the previous Section 5.3.1, I observed a strain based composition pulling 

effect, which leads to compositional variation in the epitaxial layer due to compressive 

biaxial strain. This can also occur locally on the surface, as well as on the macroscopic scale. 

Chang et al. [43] and A. Knauer et al. [44] both observed that the region around the inclined 

threading dislocations in the AlGaN epilayer had lower Al content. They also found that the 

bunched steps terminated at the AlGaN surface were associated with the inclined arrays of 

threading dislocations, which could provide strain relaxation on the step edges. The Ga atoms 

have the tendency to segregate to these relaxed areas, which leads to a higher Ga 

incorporation. 

On the other hand, as described in the Section 4.4.3.3, the step bunching feature in AlN 

growth is caused by the presence of a negative step Ehrlich-Schwoebel barrier (SESB) on the 

step edges and long enough diffusion length of Al adatoms. In low Al content AlxGa1-xN 

(x<0.5) growth, Ga adatoms are the dominating diffusing species in the AlGaN surface 

formation. The negative SESB increases the adatom downhill diffusion which can result in 

the formation of a Ga-rich cluster at upper step edge with the subsequent formation of a new 

side facet. Meanwhile, the higher diffusion length of Ga adatoms has been reported to lead to 

enhanced Ga incorporation on these new side facets while Al adatoms are incorporated more 

randomly on the planar terraces [45, 47]. Eventually, the different incorporation rates of Al 

and Ga on the step edges and flat area result in rough surface and significant compositional 

inhomogeneity.    
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A rough surface can lead to poor epilayer quality and ultimately affects the device 

performance. A large density of bunched steps can cause variations in surface height that may 

lead to a non-uniform quantum well thickness and the spiral structure may lead to 

fluctuations in the composition of III-nitride alloys and dopant concentration. Beside the low 

Al content (≤50%) region, it is necessary to control surface roughness while growing 

epilayers at a desired range of thicknesses with high Al content (≥50%) for near and deep UV 

AlxGa1-xN-based devices. Figure 5.19 (a) shows the surface RMS roughness by averaging 

multiple 20×20 μm
2
 AFM scans each sample of Series (IV), (V) and (VI). Hexagonal 

pyramid defects can be observed in Nomarski microscope [Figure 5.19 (b) and (c)], which 

may be associated with the existing v-pit defects on the underlying AlN templates [47]. 

Meanwhile, the surface morphology is getting smoother as increases the growth temperature 

from 1110 to 1245 °C [Figure 5.19 (b)-(f)]. 

 

Figure 5.19: (a) the RMS roughness of the AlxGa1-xN epilayers as a function of Al composition for series 

(IV), (V) and (VI).  (b)-(f) Nomarski optical microscope images of selected samples from series (IVα), 

(VIα), (IVβ), (Vβ) and (VIβ) when Al composition is around 60% against growth temperature.  
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Figure 5.20: 20 ×20 µm
2 
AFM images of AlxGa1-xN for series IV, V and VI grown on (a) α template and (b) 

β template (Right). (Left) 5 ×5 µm
2 
AFM images of AlxGa1-xN for selected samples. 

Figure 5.20 shows AFM images of the AlxGa1-xN epilayers growth at different temperature 

(1110 to 1245 °C) with a various MO flow rate (15 to 180 µmol/min) for series (IV), (V) and 
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(VI). It is clear to see that hexagonal spiral hillocks originating from screw dislocations 

dominate the surface morphology at 1110 °C grown on both templates. These hexagonal 

pyramids are 6-sided polygons with same orientations. As the growth temperature increasing 

to 1245 °C, the step-flow mode is visible when Al composition is around 60% on both 

templates.  These results indicate a change of the surface diffusion of the adatoms, which can 

lead to a change in the growth mode. 

In the classical BCF theory of surface growth, atoms are first adsorbed to the crystal surface 

(“adatoms”) and then diffuse along the surface until they are either incorporated into the 

crystal a step or desorb from the surface [48]. The origins of steps are from screw type 

dislocations and the misorientation of the substrate. These screw component dislocations on a 

crystal surface continually extrude steps. In certain growth conditions, the continuous growth 

of a pinned step can result in a spiral hillock as shown in Figure 5.21.  

 

Figure 5.21: Schematic surface evolution of growth spirals at the intersection of a screw dislocation. 

Figure 5.22 shows AFM images of spiral hillocks which have a dislocation core at centre and 

atomic steps originating from the dislocation core cover the entire surface. It is also clear to 

see that a growth spiral exhibits a double-spiral (a pair of growth spirals starting from a 

dislocation core) structure, attributed to the component of the Burger vector of pure screw 

type dislocation along the c-axis.      

As described in Chapter 4, high growth temperature promoted surface diffusion length of Al 

adatoms. With increasing growth temperature, hexagonal hillock dominant surface turned to 

be step-flow mode surface as shown in Figure 5.23. This suggests that a transition between 

2D and 3D growth mode is dominated by Al adatoms for high Al content AlxGa1-xN growth 

(x>0.5). Therefore, a step-flow mode surface feature can be obtained under optimal high 

growth temperature. 
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Figure 5.22: 2×2 µm

2
AFM images [(a) and (b)] and signal amplitudes [(c) and (d)] of samples from series 

IVα and IVβ, respectively.  
 

 

Figure 5.23: 2×2 µm
2
AFM images [(a) and (b)] and signal amplitudes [(c) and (d)] of samples from series 

VIα and VIβ, respectively. 
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5.4 Summary 

In this chapter, the control of Al content in AlxGa1-xN by varying growth condition has been 

demonstrated and discussed. Optimal growth parameters can be chosen to avoid or at least 

minimise the effect of gas phase processes that could further influence the ratio of Al and Ga 

incorporation. At low V/III ratio and high growth temperature, Ga desorption was found to be 

an issue leading to high Al content films. This effect can be suppressed by increasing NH3 

and the MO flow rate. 

For the direct epitaxial method without interlayers or superlattice buffer layers, it is observed 

that the crystal quality is highly depending on the template quality and independent in the 

range of our growth conditions. The FWHM0002 values of AlxGa1-xN epilayers also indicated 

that the crystal quality degrades as the Ga content increases in all sample sets, as expected 

due to the increased lattice mismatch to the AlN templates. 

It is found that strain relaxation value arises with increasing Ga content. The strain relaxation 

value is consistently higher for epilayers grown on the β template, attributed to the high pure 

edge type and mixed type threading dislocation density in the β template. The increased 

relaxation in the material grown on β template is also clear from a reduced buildup in 

compressive strain in the epitaxial layers, as measured using a LayTec in-situ curvature 

monitoring tool. 

A red shift has been observed on the bunched step edges by the plan-view CL data. This 

phenomenon is attributed to the strain relaxation and the different surface mobility of Ga and 

Al adatoms, which lead to a different incorporation rate of Ga and Al in the planar region and 

step edges. Furthermore, the surface morphology evolution is depended on the adatoms 

surface diffusion length to the original effective terrace width ratio (LA/L). The transition 

between 2D and 3D growth mode can be controlled by increasing growth temperature, which 

promotes surface diffusion of adatoms. 
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6 
MOVPE Growth of Si-doped AlxGa1-xN 

on AlN Template 

6.1 Introduction  

LED device structures emitting in the ultraviolet region (λ ≤ 340 nm) are generally based on 

the wide bandgap AlxGa1-xN alloy system. For fabrication of these AlGaN-based 

optoelectronic devices, the effective control of conductivity in n-type Si-doped AlxGa1-xN 

becomes one of vital issues. For n-type GaN, good conductivity is easily obtained by 

substituting a group-IV atom (e.g., Si and Ge) as a donor on the cation site [1]. The activation 

energy for the ionization of Si donors (∆Ed = EC – ED) in GaN is determined to ~30 meV by 

using the photoluminescence spectroscopy [2]. On the other hand, for Si-doped AlN, there is 

no agreement on the ionization energy, with values for the ionization energy ranging from 63 

to 255 meV using photoluminescence spectroscopy [3, 4, 5]. However, it is certain that it will 

be more challenging to obtain high conductivity in n-type AlxGa1-xN epilayers with an Al 

content higher 50%, because the ionization energy of the dopants increases with increasing 

Al content. 

In addition to the large ∆Ed of high Al content AlGaN, the doping process can be affected by 

the spontaneous creation of intrinsic defects (the formation of cation vacancies VAl) and 

unintentional introduction of impurities (O and C) which may cause a self-compensation 

during the doping process [6, 7, 8, 9]. Normally, the impurity O may come from ammonia 

(NH3), the group-III precursors, sapphire substrate or reactor furniture. The impurity C could 

be generated from the group-III precursors and SiC coating on the graphite susceptor. Higher 

impurity concentrations of O, C and Si can easily form a donor complex (DX) transferring a 

shallow donor to a deep donor level so that intentional donors of Si atoms will undergo with a 

higher ionization energy resulting in much more difficult to donate free electrons at high Al 

content (x>0.5) AlxGa1-xN [10, 11, 12, 13]. Si substitutes Al becoming a shallow donor 
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[Figure 6.1(a)], and then the shallow Si donor compensated by acceptorlike electron traps 

form a stable deep localised DX centre (DX1 or DX2) shown in Figure 6.1 (b) and (c) [12]. 

The distorted donors (DX1 and DX2) are formed by breaking one of the tetrahedral bonds and 

trapping of one additional electron. Hence, it undergoes a large lattice relaxation. In the 

following parts, the influence of Al content, Si/(Ga+Al) [Si/III] ratio and different template 

during growth on the structural, electrical and optical properties of Si-doped AlxGa1-xN 

epilayers are investigated. 

 

Figure 6.1: Schematic view of (a) the substitution Si donor, DX centres for Si: (b) 𝐒𝐢𝐀𝐥
−  (DX1) and (c) 𝐒𝐢𝐀𝐥

−  

(DX2). The length of the broken bond is shown as dashed line in Å [12]. 

6.2 Experimental details 

Two series of approximately 1 µm thick Si-doped AlxGa1-xN, with a nominal Al composition 

of 48% and 60 %, were deposited on two AlN template types (α and β) grown by 

metalorganic vapour phase epitaxy (MOVPE). AlN template: type α was prepared by a three-

step temperature process on c-plane sapphire (FWHM0002 = ~280 arcsec and  FWHM101̅1 = 

~550 arcsec), while type β was prepared through AlN overgrowth on c-plane sapphire with a 

thin 50 nm AlN nucleation layer prepared commercially (FWHM0002 = ~35 arcsec and 

FWHM101̅1 = ~850 arcsec). A schematic of the general sample structure is shown in Figure 

6.2. Trimethylgallium (TMGa) and trimethylaluminium (TMAl) were used as group-III 

precursors, while ammonia (NH3) was the group-V precursor. Disilane (Si2H6) was used for 

Si doping. During the Si-doped AlxGa1-xN growth, growth temperature and reactor pressure 
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were kept constant at 1110 °C and 50 mbar, respectively. By variation of the Si2H6 supply, 

the resulting Si/(Al+Ga) [Si/III] molar ratio in the gas phase was changed between 1.4×10
-4

 

and 3.6×10
-4

 in the first series, which will be referred to as Iα or Iβ depending on the 

templates, and between 1.1×10
-4

 and 5.6×10
-4

 in the second series (named IIα and IIβ, 

respectively). There is no data point at [Si/III] ~1.1×10
-4

 in the series IIβ, so the Si/III ratio is 

varied from 2.0×10
-4

 to 5.6×10
-4

 for IIβ. The growth conditions are summarized in Table 6.1.  

The Si2H6 gas is diluted by double dilution channels before entering the reactor chamber, 

which enables us to control the Si2H6 molar flow rate in a large range. The double dilution 

stage has been discussed in Chapter 3. The effective Si2H6 volume flow rate V (sccm) can be 

calculated by using the equation: 

                                     𝑉 =
𝑉𝑠𝑜𝑢𝑟𝑐𝑒

𝑉𝑠𝑜𝑢𝑟𝑐𝑒+𝑉𝑑𝑖𝑙𝑢𝑡𝑒
× 𝑉𝑖𝑛𝑗𝑒𝑐𝑡 × 50 × 10−6   ,                           (6.1)   

Where Vsource is flow through the source mass flow controller (MFC), Vdilute is flow through 

the dilution MFC, Vinject is flow through the Inject MFC, and the factor 50×10
−6

 is due to the 

fact that Si2H6 was already diluted to 50 ppm (parts per million) inside the gas cylinder with 

helium (He) before entering the Si2H6 source MFC. The relation between the molar flow rate 

M (µmol/min) and the volume flow rate VF of Si2H6 is: 

                                  𝑀(µmol/min) =
𝑉(𝑐𝑚3/𝑚𝑖𝑛)

22.4 ×103(𝑐𝑚3/𝑚𝑜𝑙)
× 106                                      (6.2) 

The chemical composition and strain state of the layers were analysed by XRD. The Al 

composition extracted from XRD is refered to throughout this chapter. The thickness of the 

epilayers was determined by in-situ spectroscopic reflectance using the EpiTT system. At the 

same time, in-situ measurements were performed to monitor the wafer curvature during Si-

doped AlGaN growth. Nomarski and AFM were used to study the surface morphology. Van-

der-Pauw Hall measurements using Ti/Al/Ti/Au metal contacts deposited by e-beam 

evaporation with layer thickness of 20/170/5/100 nm were carried out at room temperature 

(RT) to determine resistivity, carrier concentration and mobility of the carriers. In order to 

obtain ohmic contacts, rapid thermal annealing (RTA) was employed for 60 s at a 

temperature of 600°C. RT PL was used to study the optical properties of these samples.  
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Figure 6.2: (a) schematic of Si-doped AlxGa1-xN epilayers deposited on AlN template/sapphire and (b) 

growth sequence.  

Series 
Al_XRD 

(%) 

TMGa / TMAl 

(µmol/min) 

NH3 

(mmol/min) 

Si2H6 

(µmol/min)×10
-3

 

Si/III in gas 

phase ×10
-4

 
Template 

(I) 
48 ± 2 (Iα) 

48 ± 2 (Iβ) 
22.5 / 7.5 30 2.7-6.7 0-3.6 (α) and (β) 

(II) 

60 ± 2 (IIα) 

58 ± 2 (IIβ) 

20 / 10 23.43 2.2-11.2 0-5.6 (α) and (β) 

Table 6.1: growth parameters for the Si-doped AlxGa1-xN epilayers. 

 

6.3 Results and discussion 

6.3.1 Structural properties of n-type AlGaN epilayers 

Figure 6.3 shows the dependence of the X-ray rocking curve FWHM values of (0002) and 

(101̅1) reflections as a function of Si/III ratio for Series I and II, respectively. When Si/III 

ratio increased, the FWHM0002 value increased and then kept constant approximately 400 and 

380 arcsec for Series I and II as shown in Figure 6.3 (a) and (c), respectively. The screw type 

dislocation was seen to increase, when a Si2H6 flow was added to the growth process, 

especially for samples grown on β template. On the other hand, there was no clear tendency 

of the FWHM101̅1 value for both series as shown in Figure (b) and (d). This indicated that the 

variation of edge type dislocation density was indifferent as to the employed Si concentration. 

In order to determine the strain state of the AlGaN layers, reciprocal space mapping (RSM) 

of asymmetric (101̅5) reflections were carried out in Figure 6.4. Since the in-plane lattice 

parameter of AlGaN is larger than that of AlN, the Si-doped AlGaN is expected to be 
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compressively strained. In Series II, the (101̅5) RSM results showed that the degree of 

relaxation (R) of Al0.6Ga0.4N layers (IIα) increased from 10±5% when the Si/III ratio = 0 and 

reached to 30±5% when the Si/III ratio=5.6×10
-4

 as shown in Figure 6.4 (a-c). A similar trend 

was also observed in the series Iα. Meanwhile, the strain relaxation values were consistently 

higher for epilayers grown on β template, attributed to the high edge type dislocation density 

in the β template as discussed in Chapter 5. The value of R increased from 50±5% to 80±5% 

when Si/III ratio increased from 0 to 3.6×10
-4 

in Al0.48Ga0.42N layers (Iβ) as shown in Figure 

6.4 (d-f). The value of R varied drastically and was almost fully relaxed (95±5%) for a Si/III 

ratio=5.6×10
-4 

in Al0.58Ga0.42N layers (IIβ) as shown in Figure 6.4 (g-i). These results 

indicated that the degree of compressive strain was reduced by increasing Si/III ratio in the 

range of our doping level. 

 

Figure 6.3: FWHM values of (a) & (c) (0002) and (b) & (d) (10�̅�1) XRD rocking curves for n-AlxGa1-xN of 

series I and II, respectively. Solid lines are guidelines for the eye only. 
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Figure 6.4: RSM of (10�̅�5) reflection measured from the Si-doped AlGaN layers grown on α and β 

templates with different Si/III ratios for series IIα (a-c), Iβ (d-f) and IIβ (g-i), respectively, where R is 

relaxation value. Green line is the fully relaxed line, black line is the fully strained line, and red line 

corresponds to certain composition from fully strained to fully relaxed. An increase of the a-lattice 

parameter (∝1/QX) of the doped layers in comparison to the undoped AlGaN is visible. The vertical axis is 

valid for the c-lattice parameter (∝1/Qy). 

In-situ wafer curvature measurements were used to study the effect of Si doping on intrinsic 

strain during MOVPE growth of n-type AlxGa1-xN epilayers. Figure 6.5 shows wafer 

curvature measurement of series IIα and IIβ. As discussed in Chapter 5, the undoped 

Al0.6Ga0.4N layer grown on AlN template grew under an initial compressive strain due to 
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lattice mismatch with the underlying template. When Si was introduced during AlxGa1-xN 

growth, the degree of strain relaxation increased with respect to the undoped control samples 

as shown in Figure 6.5. In the case of the Series IIβ [Figure 6.5 (b)], a transition from 

compressive to a tensile biaxial strain state is realized as the positive slopes of curvature 

observed for all Si-doped epilayers. For the Series IIα, the compressive strain inherent in the 

Si-doped Al0.6Ga0.4N grown on α AlN template was relaxed significantly during growth 

[Figure 6.5 (a)], so the biaxial surface strain of the Si-doped AlGaN samples did not 

transition into tension as was seen for the samples grown on β AlN template. A similar 

behaviour was also observed in Series I. These preliminary results indicate that a less 

compressive strain is induced in the crystal structure by increasing Si2H6 flow rate. It is also 

clear to see that Si-doped AlGaN epilayers with higher edge type threading dislocation 

density (TDD) relaxed faster than these with lower edge type TDD by comparison between α 

and β series, which indicates that edge type TDs are dominant in relaxation of compressive 

strain. These phenomena have been widely observed and proven that the introduction of Si as 

a common donor leads to a reduction of compressive strain or increasing tensile strain in the 

AlxGa1-xN and GaN epilayers [14, 15, 16, 17, 18, 19, 20, 21, 22], while the strain relaxation 

mechanism is still under debate. 

Several research groups have observed a strong correlation between TD inclination and both 

the reduction of compressive strain and the generation of tensile strain in AlxGa1-xN epilayers, 

which is explained by the dislocation effective climb. Cantu et al. [14] firstly suggested that 

the strain relaxation was explained by dislocation inclination in Si-doped Al0.49Ga0.51N layers 

grown on top of Al0.49Ga0.51N buffer layers. They have found that these pure edge type 

dislocation (with Burgers vector b=1/3<112̅0>) inclined toward the <11̅00> directions [if 

viewed projected onto the (0001) growth plane] and had a misfit component, thus relieving 

misfit strain. These bent dislocations are not in their glide planes, so the bending must result 

from non-conservative dislocation motion and must occur either by climb or by some other 

mechanism. Romanov and Speck [15] developed a theoretical bulk-energy balance model to 

describe dislocation inclination. According to their proposal, dislocation bending occurs once 

a critical strained-layer thickness is exceeded and bending becomes energetically favourable. 

Acord et al. [16] subsequently revealed a compressive-to-tensile transition of the strain state 

at the n-AlGaN epilayer surface upon the addition of SiH4 during growth, which correlated 

with a change in the average angle of inclination of edge type TDs in the epilayer. The bend 

angles were observed to increase as the SiH4 flow increased, and that effectively relieved 
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more strain. A contrasting “surface-mediate climb” model has been proposed by Follstaedt et 

al. [17]. They found that the initial bending dislocation occurred below the critical thickness 

at the growth surface, where an existing dislocation overgrew a surface vacancy without 

filling the vacancy due to higher the formation energy for an interstitial than for a vacancy. 

Xie et al. [18, 19] further explained that the surface-mediate dislocation is governed by 

vacancies. The Fermi level rises as free carrier concentration increases with increasing Si 

concentration, so the formation energy of a negatively charged vacancy decreases. Thus, the 

dislocations can climb being mediated at the growth surface and related with the free carrier 

concentration. However, the relaxation of compressive strain or generation of tensile strain 

could be reduced with further increasing Si concentration due to self-compensation of Si 

atoms (reduction of free carrier concentration). 

In contrast to the dislocation climb model, Moram et al. [20, 21] have proposed that Si 

doping goes along with a higher dislocation density and the consequential “pinning” of 

dislocations, concluding that Si doping hinders dislocation climb, resulting in increased 

tensile stress and in reducing the probability of dislocation annihilation.  

The role of misfit dislocations (MDs) at the AlGaN/AlN interface can also play an important 

effect in the strain relaxation process if the edge type TDD is low in the AlN template. Wu et 

al. [23] found that MD lines can be formed at the AlGaN/AlN interface by gliding of mixed 

type TDs (with Burgers vector b=1/3<112̅3>) originating from the underlying AlN template 

along the less dominant slip planes {01̅11} down to the interface.  

Despite many arguments in the strain relaxation model, it is certain that the compressive 

strain can be relaxed both by the inclination of pure edge type TDs and by bowing mixed 

type TDs, and which one plays a dominant role in the strain relaxation mechanism is highly 

dependent on the TDD. 
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Figure 6.5: Curvature plotted with respect to time corresponding to different Si/III ratio for series IIα (a) 

and IIβ (b). The vertical dash lines mark different growth stages: thermal annealing (TA), AlN 

connecting layer and n-AlGaN growth. 

 

6.3.2 Morphological properties  

Root-mean squared (RMS) surface roughness of the n-AlGaN epilayers was assessed by 

multiple 20×20 µm
2
 AFM scans for Series II as shown in Figure 6.6. No clear relationship 

between the Si/III ratio and surface roughness was observed, when the Si/III ratio is below 

4×10
-4

. However, the smoothest surface of n-AlGaN was obtained with highest Si/III ratio in 
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Series II, which has been confirmed by Nomarski images [Figure 6.7 (c) and (f)] and AFM 

scans [Figure 6.8 (d) and (h)]. Moreover, micro-scale morphological defects such as 

hexagonal turrets and pits (highlight by red circles) have been found on the surfaces in  

Figure 6.7, which may be associated with threading dislocations from the underlying 

templates. 

The surface morphologies of the undoped and doped AlGaN epilayers of Series II are 

compared in 10×10 μm
2
 AFM scans (Figure 6.8). The surface morphology transition was 

observed from clear spiral hexagonal hillocks [6-sided polygons with same orientations as 

shown in Figure 6.8 (a)], unfolded and blurred spiral hillock [hillock shape is between 

hexagonal and circular spiral hillock as shown in Figure 6.8 (b)], bunched surface step 

[Figure 6.8 (c)], to step-flow mode [Figure 6.8 (d)] with increasing Si/III ratio in Series IIα. 

Meanwhile, the surface morphology transition rate of Series IIβ was faster than IIα, the 

atomic steps appeared in the early stage when Si was introduced. Roughening was not seen to 

occur with increasing Si/III ratio, whereas the strain state was indeed observed to change. 

This indicates that evolution of the surface morphology is directly affected by the strain 

relaxation in the material with higher relaxation leading to lower probability of spiral hillock 

formation. This evolution can be driven by the counterbalance between the surface free 

energy and the bulk strain energy near the surface as reported by Xie et al for SiGe films [24], 

whereby a tensile strain is considered to promote a flat surface, in contrast to compressive 

strain. 

A large density of nanopits has been observed in the series IIβ for Si-doped AlGaN samples 

[Figure 6.8 (i)]. Nanopits started to form at [Si/III] ~2.0×10
-4

, which was the lowest Si/III 

ratio in the series IIβ. In contrast to the nanopits dominating surface morphology, a nearly pit-

free surface has been found for even the highest Si/III ratio as shown in Figure 6.8 (j). AFM 

studies have shown that the small pits formed where threading dislocations terminate at the 

GaN surface can be enlarged using this Si2H6 treatment, allowing total dislocation densities to 

be determined accurately [25, 26]. However, here we only see this for the series that is nearly 

fully relaxed. For the Series IIα, mostly under compressive strain the defects are unobserved, 

suggesting that Si treatment will not work in such cases. For sample Series IIβ, the relaxation 

and tensile strain build up with Si doping ultimately leads to micro-cracks appearing in the 

surface [Figure 6.8 (h)]. This suggests that the material quality of the samples grown on α 

template is better than the ones grown on β template, and this is in a good agreement with the 

XRD FWHM measurement (Figure 6.3). The Si-doping-induced tensile strain creates micro-
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cracks as they can be seen in Figure 6.8 (h), which results in an almost fully relaxed epilayer 

and is confirmed by (101̅5) RSM. 

 

Figure 6.6: RMS surface roughness evaluations by 20×20 µm
2
 AFM scans for IIα and IIβ series with 

respect to the Si/III ratio. Solid lines are guidelines for the eye only. 

 

Figure 6.7: Nomarski optical microscope images of selected AlGaN samples from Series IIα and IIβ, 

respectively. Micro-scale defects are indicated by red circles.  
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Figure 6.8: (a)-(h) 10 ×10 µm
2 
AFM images of AlxGa1-xN for series II grown on α template and β template. 

(i)-(j) 5 ×5 µm
2 
AFM images of selected samples. 
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6.3.3 Electrical properties of n-doped AlGaN epilayers 

Figures 6.9 (a) and (b) show the electron mobility and carrier concentration of the Si-doped 

AlxGa1-xN layers versus Si/III ratio using 600 °C annealed Ti/Al/Ti/Au metal contacts. 

Unfortunately, the electron mobility and carrier concentration cannot be obtained in Series 

IIβ due to the large resistivity, except for two data samples with the Si/III ratio of 2.0×10
-4

 

and 2.2×10
-4

. It is observed that the optimal Si/III ratio is 2.4×10
-4

 (Si2H6 flux of 2.0 sccm) 

and 2.0×10
-4

 (Si2H6 flux of 1.8 sccm) for 48% and 60% Al content grown on α-AlN template, 

respectively. It is clear to see that electron mobility and carrier concentration both decrease as 

the Si/III ratio further increases in Series Iα, Iβ and IIα, which is attributed to a higher degree 

of defects compensation and Si self-compensation [27]. The origin of Si self-compensating 

point defects is correlated with a transition of Si acting as a shallow donor to a DX centre [11, 

28, 29]. 

 

Figure 6.9: (a) the Hall mobility (µ), (b) the carrier density (n), and (c) the resistivity (ρ) as function of 

Si/III ratio for series I and II. Hall measurements can only performed on two samples grown with Si/III 

ratio of 2×10
-4

 and 2.2×10
-4

 grown on β template in series II. Solid lines are guidelines for the eye only. 

The resistivity of the Si-doped AlxGa1-xN epilayers derived from hall mobility and carrier 

density is shown in Figure 6.9 (c). It is consistently higher for the layers grown on the β 

template than grown on the α template, which could be related to the high density of edge 

type dislocation. Simpkins et al. [30] demonstrated that edge component dislocations behave 

as though negatively charged and are not highly conductive while pure screw dislocations are 

solely responsible for the observed leakage paths and are uncharged in GaN. Zhao et al. [31] 

also reported that the acceptorlike traps formed by the dangling bonds along the edge 

dislocation lines may compensate the Si donors and thus reduce the net free electron 

concentration and electron mobility. For Si-doped AlGaN, Allerman et al. [32] and K. X. 

Chen et al. [33] both found a same phenomenon where the sheet resistance had a stronger 

dependence on edge type dislocations than on screw type dislocations, because the edge type 
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TDDs is usually one order of magnitude higher than screw type TDDs, and resulting in a 

stronger interaction between electrons and edge type dislocations. 

The sheet resistance was always observed to increase for a constant Si/III ratio with 

increasing Al content, and Hall measurement showed this to be related to the fall in free 

electron concentration. Others have attributed this to the increasing ionization energy of the 

Si dopant [34]. However, a significant increase in the donor activation energy (Ed) is only 

reported for Si-doped AlxGa1-xN films with Al content greater than x=0.7-0.8; below this 

level Ed for optimal doping remained roughly constant (Ed below ~23 meV until x=0.7 [34], 

Ed below ~25 meV until x=0.85 [35] and Ed below ~15 meV until x=0.8 [36]). In our 

experiments, Al composition was all below or equal to 60 %, with an approximately 12% 

difference between series I and II. Therefore, upon consideration of these findings, a rise in 

resistivity could be attributed to the increasing formation of compensating vacancies or 

vacancy-oxygen complexes with increasing Al content. This issue can be explained that the 

formation energy of III-vacancies and their complexes gets lowered as the bandgap increases 

[37]. 

6.3.4 Optical properties of n-doped AlGaN epilayers 

RT PL spectra of an undoped and Si-doped AlxGa1-xN samples with different Si/III ratio are 

shown in Figure 6.10. Fabry-Perot fringes are visible in spectra due to the interference 

between the epilayer and template. In Series I with a constant Al content of 48±2%, all 

samples exhibited a similar near-band-edge (NBE) luminescence at 274±2 nm (4.52±0.03 eV) 

for Iα and 278±2 nm (4.46±0.03 eV) for Iβ, respectively [Figures 6.10 (a) and (b)]. In series 

II, samples exhibit a sharp NBE luminescence at 254±2 nm (4.88±0.04 eV) for IIα 

(Al=60±2%) and 258±2 nm (4.80±0.04 eV) for IIβ (Al=58±2%), respectively [Figures 6.10 

(c) and (d)]. These NBE luminescence will be referred to as the “UV luminescence”.   

For Si-doped AlGaN samples, bright visible cyan luminescence can be seen after excitation 

with a 244 nm laser (excitation power density ~5 W/cm
2
) (Figure 6.10 and 6.11), which 

originate from acceptor-like compensating defects and is noted as the “parasitic emission”. 

The defect-related peak positions are summarized in Table 6.2 and they have been also 

observed by others who identified as originating from a conduction band to deep acceptor 

state transition [38, 39]. The integrated parasitic peak intensity at different Si/III ratio is 

shown in Figure 6.13 for Series I and II, respectively. It was observed that the intensity of the 
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parasitic emission increased with increase of Si/III ratio in both series. These results suggest 

that Si-doped AlGaN films with high Si/III ratio have more compensating defects. During Si-

doped AlGaN growth, the most effective compensating acceptors are the isolated cation 

vacancy with triply negatively charged (VIII)
3−

, and DX centres related to the ON impurity, 

where O substitutes for N [13, 38, 39, 40]. For example, (VIII)
3−

 and (VIII-2O𝑁)
1−

 defects 

capture three and one electrons, respectively, these defects act as compensation centres for Si 

doping, and minimizing such intrinsic defects could improve the conductivity of Si-doped 

AlGaN alloys. 

Hybrid-exchange density functional theory (DFT) calculations indicated that the broad defect 

emission band could be assigned to different DX centre as marked in Figure 6.11 [13, 40, 41]. 

As the Fermi level increases, the (VIII − 2O𝑁)− becomes more favorable compensator. A 

general rise in (VIII − 2O𝑁)− related luminescence intensity with Si/III ratio in the PL spectra 

provides some support that the reduction in conductivity observed in the previous Hall 

measurements is related to such defect formation. With further calibration it may be possible 

to use RT PL as a rapid feedback tool for Si doping. 

Generally, under n-type doping and Al-rich alloy conditions, the Fermi level is getting closer 

to the conduction band, which is leading to the lowering of the cation vacancy and its 

complex formation energies, so these point defects are easily formed during growth [42, 43]. 

Furthermore, the formation energy of these defects also gets lowered as the bandgap 

increases [43, 44]. Upon consideration of these findings, for further improvement of n-type 

conductivity in high Al content AlGaN, it is not a practical choice to suppress intrinsic 

defects by simply reducing Si/III ratio and Si doping concentration. The formation energy of 

these defects is lowered near a dislocation due to the presence of the associated strain field, in 

other words the equilibrium concentration of these defects increases near a dislocation [43, 

45]. Therefore, a desirable choice to minimize the parasitic emission would be reduction of 

dislocations, especially edge type dislocation, which is supported by comparison between α 

and β series.  
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Figure 6.10: RT PL spectra corresponding to the experimental series (a) Iα, (b) Iβ, (c) Iα and (d) IIβ with 

different Si/III ratios. 

 

Figure 6.11: Photographs of wafers are taken under 244 nm laser light excitation for selected samples in 

series Iiα at RT. 
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Figure 6.12: Integrated intensity of parasitic emissions of Series I (a) and series II (b) with different Si/III 

ratio. Solid lines are guidelines for the eye only. 

Set Al (%) (VIII-3ON)
0
 (nm) (VIII-2ON)

−
 (nm) 

Iα 48±2 425±5 (2.92±0.03 eV) 535±5 (2.32±0.02  eV) 

Iβ 48±2 438±5 (2.83±0.03 eV) 538±5 (2.3±0.02 eV) 

IIα 60±2 400±5 (3.1±0.03 eV) 525±5 (2.36±0.02 eV) 

IIβ 58±2 420±5 (2.95±0.03 eV) 525±5 (2.36±0.02 eV) 

Table 6.2: Summary of defect-related peak positions for Series I and II corresponding to the different 

deep level transitions.   
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6.4 Conclusion 

In summary, the level of Si-doping related strain was found to be strongly dependent on the 

edge type and mixed type dislocation density. A significant compressive-to-tensile strain 

transition was observed for samples grown on β template. At higher Si/III ratios, Si-doped 

AlGaN with lower edge type dislocation densities showed a smaller change in the strain state, 

opposite to the case of the samples with higher densities. Hence, we can infer that the strain 

will be relieved in a much lower rate if using native AlN substrate with lower TDDs. The 

apparent relaxation of the compressive strain near the surface was reflected in the surface 

morphology evolution. The smoothest surface was obtained with highest Si doping, and 

lower compressive strain.  

The electrical properties in n-type AlGaN grown by MOVPE are investigated as a function of 

Si/III ratio and template type. For Series I, the sheet resistance first decreased with increasing 

Si/III ratio due to increase of free carriers. Further increasing Si/III ratio resulted in an 

increase in the sheet resistance due to strong compensation effects. In comparison between 

Series I and II, a drop in free carrier density with increasing Al content for a constant Si/III 

ratio was attributed to lower formation energies of the compensation centres. Moreover, with 

comparing with samples grown on the α and β templates, the samples with high edge type 

TDDs were found to have a significant impact on carrier density and sheet resistance, 

because acceptor-like traps are formed by the dangling bonds along the edge dislocation lines. 

The above factors lead to a very narrow growth window for low resistivity Si-doped AlGaN 

epilayers with high Al content. 

All Si-doped AlGaN samples show a sharp UV emission as well as a parasitic cyan emission. 

A change in parasitic luminescence was observed with variation of the Si/III ratio and Al 

content due to compensating native defects, and minimizing such intrinsic defects could 

further improve the conductivity of Si-doped AlGaN alloys. In order to suppress the parasitic 

emission, an effective choice would be reducing TDDs, particularly edge type dislocations. 

The preliminary results indicate that the critical Si doping concentration can be judged by 

defect-related peak position in RT PL spectra. 
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7 
InAlN/AlGaN structures  

7.1 Introduction 

Indium aluminium nitride (InAlN) semiconductor alloys have attracted attention, because 

they can be in-plane lattice matched to gallium nitride (GaN) with an indium (In) 

composition of approximately 17-18%, which makes them promising candidates for use in 

distributed Bragg reflectors (DBRs) and high electron mobility transistors (HEMTs) [1, 2, 3]. 

However, there has been no report of InAlN as an active region material for an                 

ultra-violet (UV) emitter. Currently, AlGaN-based UV LED devices are most widely 

employed, and AlGaN is a relatively well-understood alloy as an active region material, both 

in terms of the physics and growth conditions used [4, 5, 6, 7].  

Wurtzite InAlN alloys are a possible alternative candidate for use in optoelectronic devices 

operating in wide spectral ranges covering from deep UV to infrared. The consideration of 

InAlN used as an active region material is inspired by the unique material properties of 

InGaN. For InGaN alloy materials, the “S” shaped temperature-dependence (TD) of 

photoluminescence (PL) peak energy is commonly observed and is a well-known 

manifestation of a strong carrier localization effect occurring in dot-like In-rich InGaN 

formed in the InGaN layer [8, 9, 10, 11], which can partially prevent carriers from reaching 

defects leading to a reduction of non-radiative recombination rate. This dot-like In-rich 

InGaN cluster is formed by In aggregation and phase separation of the InGaN layer because 

of the immiscibility of GaN and InN [9, 10, 11, 12, 13]. Meanwhile, a similar “S” shaped on 

the TDPL near band-edge (NBE) emission of InAlN have been reported by others [14, 15, 16, 

17, 18, 19], which shows a potential strong carrier localization effect in InAlN alloy. 

Therefore, the interest of such an approach is to take advantage of such localisation by using 

InAlN as the quantum-well (QW) material as a replacement for GaN or AlGaN in the UV 

region. 
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InAlN growth is very challenging in obtaining high crystal quality epilayers compared with 

InGaN and AlGaN due to the significant difference in thermal stability and atom size 

mismatches between binaries InN and AlN [20]. Moreover, unintentional incorporation of Ga 

during epitaxial growth of InAlN thin films has been observed [21, 22, 23, 24]. Suk and 

Jeomoh et al. [21, 22] found that Ga-containing deposition on a wafer susceptor and on 

surrounding surfaces of uncooled parts in a growth chamber can be responsible for Ga in the 

InAl(Ga)N epilayer, while a GaN underlying layer or template below an InAl(Ga)N epilayer 

does not contribute to the Ga auto-incorporation effect.  

The purpose of Section 7.2 is to study the structural and morphological properties of InAlN 

thin films grown on GaN, AlGaN and AlN buffer layers. Section 7.3 will concentrate on 

investigating the possibility of shallow UV (300 to 350 nm) InAlN multiple quantum-well 

(MQW) structures. 

7.2 Growth of InAlN layers 

The growth window of good quality InAlN alloy is rather sharp and needs to be carefully 

optimized. The growth temperature needs to be reduced to limit the indium desorption, and 

H2 must be avoided due to reduction of indium incorporation [25]. In order to suppress Ga 

auto-incorporation [21, 22], the proper cleaning for reactor chamber and wafer susceptor 

should be performed before InAlN growth. The structural, morphological and optical 

properties of InxAl1-xN thin films grown on AlyGa1-yN buffer layers (i.e, GaN, AlN and 

AlGaN) with different growth temperature will be shown in this Section, which are important 

constituents of the active layers for Section 7.3 study.  

7.2.1 Experimental details 

In order to minimize Ga incorporation issue, a clean susceptor was used with several AlN 

growth runs (3-step AlN growth) undertaken before InxAl1-xN growth run to “condition” the 

reactor chamber. The undoped GaN, AlN (α and β as described in Section 4.5.3) and 

Al0.6Ga0.4N (grown on α- and β-AlN as described in Section 5.2, growth series IV) templates 

were prepared by MOVPE growth. Prior to the growth of InxAl1-xN thin films on the 

templates, a 3-minute thermal anneal at 1060°C was carried out in order to clean the surface 

and remove any oxide layer. Then, the InxAl1-xN films were performed directly on these 

templates without any intentional intermediate layers. The growth temperature (Tg) of the 

InxAl1-xN thin films was varied from 730 to 790 °C (A-730°C, B-755°C, C-780°C and D-
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790°C). The V/III and TMIn/TMAl were kept constant for all InxAl1-xN epitaxial layers at 

10,400 and 1, respectively. Typical structure and growth sequence of the InxAl1-xN growth 

are illustrated in Figures 7.1(a) and (b), respectively. Four growth runs were made as 

described with growth temperatures and templates and are shown in Table 7.1. 

 

Figure 7.1: (a) Schematic of the InxAl1-xN structure and (b) growth sequence. 

 

Tg (°C) 1 α-AlN 2 β-AlN 3 AlGaN on α 4 AlGaN on β 5 GaN 

730 Sample 1A Sample 2A Sample 3A Sample 4A Sample 5A 

755 Sample 1B Sample 2B Sample 3B Sample 4B Sample 5B 

780 Sample 1C Sample 2C Sample 3C Sample 4C Sample 5C 

790 Sample 1D Sample 2D Sample 3D Sample 4D Sample 5D 

Table 7.1: Sample name of 23 nm thick InxAl1-xN thin films grown on various templates at different 

growth temperatures. 

In order to calibrate the compositions and growth rates of InxAl1-xN thin films, approximately 

23 nm films were grown. X-ray diffraction (XRD) was used to measure the average lattice 

parameter using the peak positions of both the symmetric (0002) and asymmetric (101̅5) 

reflections, found using the ω-2θ scan and ω/ω-2θ reciprocal space maps (RSMs), 

respectively. These reflections were then used to calculate the InxAl1-xN compositions and 

strain states assuming Vegard’s law to hold for these materials with isotropic strain in the c-

plane and no Ga auto-incorporation into the epilayers. Literature values of the lattice 

parameters and Poisson ratio of AlN and InN were used as described in section 3.4.3. Growth 

rates were estimated from the thickness fringes observed in XRD (0002) ω-2θ scans 

(Figure.7.3). Surface morphology was assessed by atomic force microscopy (AFM) using 

tapping mode (Veeco Multimode
TM

). The AFM images were processed using WSxM free 
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software [26]. Room temperature photoluminescence (RT-PL) measurements were performed 

to investigate the optical properties of the samples using a 244 nm laser and detected using 

iHR320 Horiba imaging spectrometer equipped with a CCD camera and a photomultiplier. 

7.2.2 Results and discussion 

Composition and strain of InxAl1-xN 

The XRD full-width-half maximum (FWHM) values, lattice parameters and in-plane strain 

state (Ra) of templates were summarized in Table 7.2. These templates are named as 1 (α-

AlN template), 2 (β-AlN template), 3 (Al0.6Ga0.4N grown on α template), 4 (Al0.6Ga0.4N 

grown on β template) and 5 (GaN), respectively. The fully relaxed in-plane (a) and out-of-

plane (c) lattice parameter were calculated using Equations 3.15 and 3.16 for the ternary 

alloys with variable Al composition (AlxGa1-xN and AlyIn1-yN), as shown in Figure 7.2. The 

experimental results from GaN templates and Al0.6Ga0.4N templates grown on α-AlN and β-

AlN templates with different relaxation value (Ra) are also shown in Figure 7.2, where the 

composition of AlyIn1-yN for lattice matched growth on a particular template is given. If the 

in-plane lattice parameter of the growing AlyIn1-yN thin film is larger than the in-plane lattice 

parameter of the underlying template, AlyIn1-yN will be under in-plane compressive strain and 

out-of-plane tensile strain. These two plots give a good indication of expecting strain 

condition for a particular indium composition of AlyIn1-yN, for example, the InAlN thin film 

with above 4% indium grown on Al0.6Ga0.4N/β-AlN will be under in-plane compressive strain. 

 

 
(1) α-AlN (2) β-AlN 

(3) AlGaN on 

α-AlN 
(4) AlGaN on 

β-AlN 
(5) GaN 

 FWHM
0002

 (arcsec) 286 52 318 130 169 

𝐅𝐖𝐇𝐌𝟏𝟎�̅�𝟏 (arcsec) 600 1100 584 1074 334 

(Å) 3.112 3.118 3.114 3.129 3.183 

c (Å) 4.982 4.977 5.081 5.073 5.192 

Ra (%) - - 15±5 45±5 - 

Table 7.2: Measured XRD FWHM values around the (0002) and (10�̅�1) reflections, in-plane (a), out-of-

plane (c) lattice parameters and in-plane relaxation (Ra) of AlGaN on AlN templates. GaN and AlN 

templates are assumed that fully relaxed grown on c-sapphire.  
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Figure 7.2: (a) in-plane and (b) out-of-plane lattice parameter of varied composition ternary alloys 

(AlxGa1-xN and AlyIn1-yN) as calculated using linear Vegard's law and our templates as measured by XRD. 
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Figure 7.3 shows XRD symmetric (0002) ω-2θ scans of the InxAl1-xN thin films grown on the 

templates at different growth temperatures. Arrows indicate the weak and broad peaks of the 

(0002) zeroth-order Bragg diffraction corresponding to the InxAl1-xN thin films. The presence 

of clear diffraction fringes can be seen in these scans, which suggest that the epilayer 

thicknesses can be measured accurately by the fringe peak spacing, thus, the growth rates can 

be estimated. The thickness of InxAl1-xN thin films is 23±1 nm for all samples. It has been 

shown that there is no noticeable effect of template on the growth rate. Moreover, for the 

samples grown on the GaN and AlN templates, the thickness fringes are less visible at the 

lowest growth temperature as shown in Figures 7.3 (a) and (b), which indicates surface 

roughening and/or degradation of crystal quality for the InxAl1-xN layers as expected due to 

short surface migration of adatoms and the increased lattice mismatch to the underlying 

templates. Meanwhile, for the samples grown on the AlGaN/AlN templates, the diffraction 

thickness fringes are much clearer for sample grown on Al0.6Ga0.4N/β-AlN than grown on 

Al0.6Ga0.4N/α-AlN at the lowest temperature indicating a relative uniform thickness and a 

smooth surface, as shown in Figures 7.3 (c) and (d).  

In order to figure out the indium composition of InxAl1-xN thin films, the strain state must be 

estimated. Therefore, RSMs around the asymmetric (101̅5) reflection were carried out as 

shown in Figures 7.4 and 7.5. The (101̅5) RSMs reveal that the reciprocal lattice points of 

InxAl1-xN and underlying GaN templates are well-aligned in the Qx direction as shown in 

Figures 7.4 (a-c), i.e., in-plane lattice match, indicating pseudomorphic growth of InxAl1-xN 

on GaN template, even with high indium content. These results are in overall agreement with 

the results obtained for similar MOVPE-grown InAlN layers [1, 27, 28, 29]. The RSMs 

reveal that the InxAl1-xN films grown on the α-AlN and β-AlN templates are completely 

strained as shown in Figures 7.4 (d-i), apart from the samples 1A and 2A grown on the α-AlN 

and β-AlN templates at 730°C [Figures 7.4 (d) and (g)]. As can be seen from the (101̅5) 

reflections, no clear InAlN peak has been observed for the sample 1A [Figure 7.4 (d)], and 

blurred and broad InAlN peak has been observed for the sample 2A [Figure 7.4 (g)], 

suggesting a relaxation of the InAlN epilayers and very poor crystal quality.  

For the InxAl1-xN thin films grown on the Al0.6Ga0.4N/AlN templates, the (101̅5) RSMs reveal 

that none of them are fully coherent to templates as shown in Figure 7.5. The InxAl1-xN layers 

with indium contents between ~0.11 and ~0.19 show deviation from the coherent growth 

towards larger in-plane lattice parameters, indicating some relief of compressive strain in in-



 

 

158 

 

plane direction. Furthermore, all samples around both the (0002) and the (101̅5) reflections 

only showed one epilayer peak, so there was no evidence of phase separation or separation of 

strain, although it was broad and had a low intensity. 
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Figure 7.4: (10�̅�5) ω/2θ-ω RSMs of InxAl1-xN thin films grown on the (a-c) GaN, (d-f) α-AlN and (g-i) β-

AlN templates with different growth temperature, respectively. 
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Figure 7.5: (10�̅�5) ω/2θ-ω RSMs of InxAl1-xN thin films grown on the (a-c) Al0.6Ga0.4N/α-AlN and (d-f) 

Al0.6Ga0.4N/β-AlN templates with different growth temperature, respectively. 

The composition of the InxAl1-xN epilayers was calculated from the average lattice 

parameters measured in XRD. Variation of InN molar fraction in InxAl1-xN with growth 

temperature grown on different templates is shown in Figure 7.6.  Firstly, it has been 

observed that the higher temperature growths result in lower indium compositions because of 

a higher indium desorption rate. Secondly, the deviations of indium composition have been 

found showing that the indium incorporated into the epilayer is higher grown on larger in-

plane lattice parameter templates than that grown on smaller in-plane lattice parameter 

templates. For example, an InxAl1-xN thin film grown at 730 °C, the indium composition of 

the sample 1A (α-AlN) is determined to be about 17%, a slightly lower In content as 

compared to sample 3A (AlGaN on α-AlN ) with about 18% indium content. As for sample 

5A (GaN), the In content was measured to be approximately 23%, indicating a significant 

increase in comparison to samples 1A and 3A.  

The pronounced variation in the indium content may be caused by two effects. One 

phenomenon could be explained by the modification of the hydrostatic strain component [30, 

31]. Hence, the bond length of the InxAl1-xN is affected, ultimately enabling more indium to 
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be incorporated under less compressive strain, while this “strain pulling effect” (“composition 

pulling effect”) is the more likely an alternative possibility. Another effect might be an 

influence of V-pits on the composition profile of InxAl−xN samples. It has been proposed that 

the coalescence of V-pits in thick InxAl1−xN layers can lead to a higher or lower In content in 

the surface layers due to differential incorporation of In occurring on the concave or convex 

shaped surfaces of the V-pits [20, 32, 33]. V-pit features are observed in Figures 7.7 and 7.8 

and will be discussed in the next section. 

 

Figure 7.6: Variation of InN molar fraction in InxAl1-xN with growth temperature grown on different 

templates. Only two samples were grown under tensile strain (indicated with green arrows), rest of them 

were grown under compressive strain. 

AFM measurements 

1×1 µm
2
 AFM images of the InxAl1-xN thin films grown on the GaN, α-AlN and β-AlN 

templates are showed in Figure 7.7.  

Figures 7.7 (a)-(d) display the evolution of the surface morphology of InxAl1-xN thin films 

grown on GaN templates at different growth temperatures. A high density of white dots has 

been observed for samples from 5A to 5D of approximately 5 nm in height and 20 nm in 

diameter for each dot. It is difficult to identify their origin. As measured by XRD (0002) ω/2θ 

scan, there was no peak at around 16.5°, suggesting they were not from metallic indium 
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droplets. The regular round surface hillocks of the order 100 nm in diameter become clearer 

with increasing growth temperature, which have been previously observed on InAlN by other 

research groups [1, 25, 34]. 

The similar trends of surface morphology evolution with respect to growth temperature have 

been also observed grown on α- and β-AlN templates. At 730°C the surface consists of 

nanoscale three-dimensional (3D) islands 40±10 nm in diameter for Sample 1A and 2A 

[Figures 7.7 (e) and (i)]. As the growth temperature increases to 755°C [Figures 7.7 (f) and 

(j)], the regular round hillocks are observed, with pits (or voids) some of which are linked to 

threading dislocations [35]. Further increase of growth temperature to 790°C [Figure 7.7 (g), 

(k), (h) and (l)], used to the hillocks stop having rounded sides and becoming instead more 

terraced, with each hillock having one or two concentric steps. 

1×1 µm
2
 AFM images of the InxAl1-xN thin films grown on the Al0.6Ga0.4N/α-AlN and 

Al0.6Ga0.4N/β-AlN templates are shown in Figure 7.8. At 730 °C [Figure 7.8 (a)] nanoscale 

3D islands similar to those observed on AlN can again be seen in Sample 3A and these are 

slightly larger at 40 nm in diameter. On the other hand, a high density of pits appears in 

Sample 4A. The size of pit is around 20 nm in diameter, which should be a V-shaped void 

(V-defect). They are formed when a threading dislocation, usually generated at the 

InAlN/AlGaN, AlGaN/AlN and/or AlN/sapphire interface propagates up into the InxAl1-xN 

epilayer and ultimately opens up as an inverted hexagonal pyramidal pit on the film surface 

[36]. With further increasing growth temperature, the surface morphology evolution of the 

InxAl1-xN films on the Al0.6Ga0.4N/AlN templates exhibits a similar trend as the samples 

grown on AlN templates [Figures 7.8 (b-d) and (f-h)]. 

RMS roughness has been calculated for four 1×1 µm
2
 AFM images of each sample. The 

average results are plotted in Figure 7.9. The small scale roughness over a 1 µm
2
 field 

decreased as the epilayer temperature increased, perhaps because of increased surface 

diffusion at the higher temperatures promoting diffusion length of Al adatoms. Magalhães et 

al [20] suggested that high surface roughness promotes the formation of V-pits due to the 

preferential growth on inclined facets of the 3D surface structures and subsequent 

coalescence of these growth fronts. Therefore, the high density of V-pits which provide a 

local increase in the film surface area, should relieve some amount of strain and promote 

strain relaxation as seen in Sample 1A to 4A. 



 

 

163 

 

 

Figure 7.7: 1×1 µm
2 

AFM images of InAlN grown on GaN (a-d), α-AlN (e-h) and β-AlN (i-l) templates 

with different growth temperature (Tg). 
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Figure 7.8: 1×1 µm
2 
AFM images of InAlN grown on Al0.6Ga0.4N/α-AlN (a-d) and Al0.6Ga0.4N/β-AlN (e-h) 

templates with different growth temperature (Tg). 
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Figure 7.9: variation of surface roughness with growth temperature over a 1×1 µm
2
 AFM images grown 

on different templates.  

PL measurements  

The 244 nm laser-excited RT-PL spectra of the InxAl1-xN thin films are shown in Figure 7.10. 

For the InxAl1-xN layers grown on GaN templates (Figure 7.10), they have a very sharp NBE 

emission peak at ~360 nm with a FWHM of around 4 nm from the underlying GaN template, 

and a relatively broad emission band around GaN band-edge emission attributed to a band-to-

band emission from the InxAl1-xN epilayer. It is consistent with the band-to-band 

luminescence we expected from the InxAl1-xN epilayer with the estimated In content. This 

InxAl1-xN band-to-band emission exhibits a clear blueshift with decreasing InN fraction. A 

similar behaviour has been observed in K. Wang et al [16]. Meanwhile, a yellow band 

luminescence centred at 2.25 eV (peak position is around 550 nm) is observed for all samples 

may due to the deep donor complex (CN-ON)
0
 [37, 38]. The intensity of this defect-related 

emission around 550 nm increases as indium composition increases (reducing growth 

temperature) in the InxAl1-xN thin films, indicating that point defects maybe easier to generate 

at high InN molar fraction during InAlN growth.  

For the InxAl1-xN layers grown on Al0.6Ga0.4N/β-AlN template [Figure 7.10 (b)], there are 

four main RT PL emission peaks in this spectrum: (1) a sharp peak at 260 nm, which is 



 

 

166 

 

attributed to the NBE emission from the AlGaN buffer layer; (2) a relative broad emission 

band on the lower energy side, which is attributed to band-to-band emission from the     

InxAl1-xN epilayers (4A and 4B), apart from samples 4C and 4D; (3) defect-related indigo 

luminescence peak at around 410 nm, and (4) defect-related green and yellow band 

luminescence peak at around 540 nm. These defect-related luminescences could be 

principally from InxAl1-xN epilayers, as we do not observe such luminescence from undoped 

AlGaN template. A general rise in defect-related indigo luminescence intensity and reduction 

in defect-related green and yellow band luminescence intensity with decreasing In content in 

the RT-PL spectra was found in both Figures [Figure 7.11 (a) and (b)]. Such a large peak 

position and intensity difference could be possibly ascribed to In composition fluctuations or 

to the presence of deep defects or impurities acting as preferential recombination centres.  

Both figures [Figure 7.10 and Figure 7.11 (b)] show a stronger and clearer InAlN band-to-

band emission with higher In content, which could be attributed to a stronger carrier 

localization effect. However, for InxAl1-xN thin films grown on Al0.6Ga0.4N/α-AlN [Figure 

7.11 (a)] and AlN templates, it is very difficult to distinguish the InAlN band-to-band 

emission, because other defect-related emissions are dominant, especially with lower In 

content. These results may indicate several possible effects: (1) the increase of compressive 

strain may improve the uniform distribution of In in In-rich InAlN epilayer, thus, less In 

cluster and phase segregation leading to a lower carrier localization effect for InAlN epilayers, 

(2) compressive strain in InAlN affects the defect formation energy in such thin films, and (3) 

the screw type dislocations may introduce more non-radiative recombination centres and 

enhance defect-related luminescence than edge type dislocations in InAlN thin films. 

7.2.3 Conclusion  

This work explores the possibility of the growth of InxAl1-xN on AlyGa1-yN templates by 

MOVPE, which is important in facilitating the production of InAlN/AlGaN UV LEDs.  

XRD results indicate that the crystal quality of InxAl1-xN degrades as the indium composition 

increases. It also has shown that the indium incorporation increases as the growth temperature 

is decreased. Meanwhile, our observations demonstrate that the indium incorporation 

efficiency in c-oriented is governed by the underlying film strain state and/or possibly the 

inclined facets of V-pits. This will become a limitation towards growth of high indium 
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containing InxAl1-xN QW structures for long wavelength light emitting structures using 

Al(Ga)N template. 

A similar surface evolution has been found for the InxAl1-xN layers grown on AlGaN 

templates as well as AlN templates. The growth temperature window is strongly limited due 

to In desorption, which in turn hinders the surface diffusion length of Al adatoms. As a 

consequence, it will be seen that surface kinetics plays a major role and have detrimental 

effects on the surface roughening.   

Finally, RT luminescence from InxAl1-xN band-to-band emission is found to decay 

significantly with decreasing In content has been observed, it could be due to a decrease in 

the carrier localization effect or due to changes in the formation energy of non-radiative 

effect centres. Based on these results we think that InAlN can provide an alternative QW 

material for shallow UV light emitters with limited wavelength range at around 320 to 360 

nm. In all case, a broad PL peak at lower energy side (2.0 to 3.3 eV) is attributed by a defect-

band that develops with increasing In content. 

 

Figure 7.10: RT-PL excited by the laser at RT for InxAl1-xN thin films grown on GaN. 
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Figure 7.11: PL excited by the laser at RT for InxAl1-xN thin films grown on (a) Al0.6Ga0.4N/α-AlN 

templates and (b) Al0.6Ga0.4N/β-AlN templates. 
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7.3 InAlN/AlGaN multiple quantum wells (MQWs)  

Generally, the light emission efficiency from a device active region depends on many factors, 

such as quantum well and barrier material quality, well width, barrier width, and band-offset 

(ΔEC and ΔEV). After obtaining InAlN thin films in the last section, the target of this section 

is obtaining emission wavelength between 300 and 350 nm using InAlN as QW material. The 

microstructural and optical differences between samples with varying growth temperature of 

the QW structures will be studied. 

7.3.1 Experimental details  

All samples were grown by metalorganic vapour phase epitaxy (MOVPE) on α-AlN 

templates (as described in Section 4.5.3) in an Aixtron close coupled showerhead 3×2” 

MOVPE reactor using trimethylaluminium (TMAl), trimethygallium (TMGa), 

trimethylindium (TMIn) and ammonia (NH3) as precursors. α-AlN templates were loaded 

into the reactor and then heated in an ammonia–hydrogen ambient to a set point of 1110 °C 

with a holding time of 10 mins in order to clean the surface and remove any oxide layer. 

The growth of the 5×InAlN/AlGaN MQWs was started with an AlN connecting layer of 

100 nm thick to bury the regrowth interface, and followed by a 1 µm-thick undoped 

Al0.6Ga0.4N buffer layer. In order to get the emission wavelength between 300 and 350 nm, 

the indium composition (yQW) of QWs were adjusted depending on growth temperature of 

quantum well (TQW) from 710 to 790°C with a constant QW width (dQW) of 2 nm. Due to only 

very minor changes in the growth rate of InAlN as shown in Section 7.2, the QW growth time 

was maintained constant at 18 seconds. In order to balance In desorption and barrier crystal 

quality, a quasi-two-temperature (Q2T) approach was employed, and about a 2 nm 

Al0.85Ga0.15N protective cap was grown at the QW growth temperature on each QW. After 

that, reactor temperature was ramped up to 1110 °C to grow about an 8 nm thick Al0.6Ga0.4N 

barrier. After the last barrier, the sample was cooled to room-temperature in NH3 atmosphere 

to freeze the surface morphology. A schematic of the sample structure and Q2T approach are 

shown in Figure 7.12. Growth conditions are noted in Table 7. 3. 

To analyse these samples, XRD was applied to probe the layer composition, thickness and 

strain state by using commercial software (X’pert Epitaxy, Philips). These can be easily 

measured for our samples as the epilayers are under symmetric biaxial stress and a reliable 

set of calculated elastic constants are available. The optical properties of the quantum well 
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will be probed by room-temperature (RT) photoluminescence (PL) spectroscopy. PL was 

excited using a 244 nm laser and detected using iHR320 Horiba imaging spectrometer 

equipped with a CCD camera and photomultiplier. 

 

Figure 7.12: (a) A schematic of the MQWs sample structure and (b) Q2T approach for MQWs growth. 

 Tg (°C) 
TMIn 

(µmol/min) 

TMAl 

(µmol/min) 

TMGa 

(µmol/min) 

NH3 

(mmol/min) 

Time 

(s) 

Pressure 

(mbar) 

QW 710-790 5 5.2 - 56 36 70 

Cap 710-790 - 5.2 10.4 12.2 18 50 

Barrier 1110 - 5.2 10.4 12.2 74 50 

Table 7.3: Growth parameters for InAlN/AlGaN active region. 

7.3.2 Results and discussion  

In Figure 7.13, XRD (0002) ω-2θ scans show InAlN/AlGaN MQWs grown at 710, 730, 750 

and 790 °C, respectively. Distinct interference fringes are observed indicating smooth 

surfaces and interfaces between each layer. The thickness of quantum well, barrier and cap 

layer as well as indium and aluminium composition of the samples were determined by 

simulations of (0002) ω-2θ scans with the use of XRD X’pert Epitaxy software. An exact 

model of sample structure QW grown at 710 °C was used as in Figure 7.12, fitting that 

obtained from XRD triple-axis measurement. It should be noted that some calibration runs 

were performed separately; for example, a thin AlGaN cap layers grown at QW temperature 
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and ramped to AlGaN temperature series, but their results are not shown in this thesis. As 

TQW increases from 710 to 790 °C, the indium incorporation decreases substantially as shown 

in Figure 7.14, because of a large indium desorption rate. This is consistent with the results 

shown in Figure 7.6, Section 7.2.2. 

 

Figure 7.13:  The growth of MQWs is confirmed by the satellite peaks of XRD (0002) ω-2θ scans. From 

those peaks, well barrier, well widths and In composition were estimated. The simulation of estimated 

values fit to that obtained for QW grown at 710 °C.  

 

Figure 7.14: Indium content measured by XRD as a function of the InAlN quantum well growth 

temperature.  
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In order to investigate the surface morphology of the structures, AFM scans were performed. 

The surface morphology of MQW sample without last cap and barrier was studied and the 

representative AFM images are shown in Figures 7.15 (a) and (b). Granular surface structures 

exhibiting grain sizes between 30 and 60 nm become apparent for last 2 nm thick QW layer, 

and the RMS surface roughness is around 2.7 nm and 1.0 nm measured within 5×5 µm
2
 and 

2×2 µm
2 

scans, respectively. On the other hand, the surface morphology of MQW sample 

with last cap and barrier are shown in Figures 7.15 (c) and (d). The clear atomic steps on the 

sides of the spiral hillocks were observed. The presence of large hexagonal hillock on the 

surface is associated with dislocations with a screw-component threading from the template, 

which is descried in section 5.3.3. The RMS surface roughness is around 3.4 nm and 0.7 nm 

measured within 5×5 µm
2
 and 2×2 µm

2 
scans, respectively. These AFM scans suggest that 

sharp interfaces between QW, cap and barrier layers. 

 

Figure 7.15: (a) 5×5 µm
2
 and (b) 2×2 µm

2
 surface morphology of MQWs without last cap and barrier 

layer; (c) 5×5 µm
2
 and (d) 2×2 µm

2
 surface morphology of MQWs with last cap and barrier layer by 

AFM measurements. 
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The RT PL spectra of InAlN/AlGaN MQWs samples are shown in Figure 7.16 (a). Four main 

PL features were in each spectrum: (1) a sharp peak at 260 nm, which is attributed to the near 

band-edge (NBE) emission from the AlGaN buffer layer; (2) a relatively broad emission band 

on the lower energy side, which is attributed to intrinsic emission from the InxAl1-xN QWs 

region (InAlN band to band emission); (3) defect-related indigo luminescence at 390-410 nm 

and (4) defect-related green and yellow band luminescence at 490-630 nm. Although high 

absorption of exciting light in MQWs region at high excitation energy is expected, the 

AlGaN buffer layers have also been excited either by the light penetrating the MQWs region 

or by the diffused excess carriers. In addition, a change in defect-related emission position 

and intensity are similar with our previous observation in Section 7.2. Comparison of 

InAlN/AlGaN MQWs PL spectra with that of AlGaN templates (as shown in Chapter 5) and 

23 nm thick single InAlN epilayers series (as shown in previous Section 7.2) shows that these 

defect-related bands may attributed at least in point to the InAlN QW region. The trend 

suggests that the presence of deep defects or impurities act as preferential recombination 

centres with lower In content, lowering the near band edge intensity while increasing the 

indigo emission band.  

The PL peak position (λPL), integrated PL intensity (IPL) and full-width-half maximum of 

QW-related peak (FWHMPL) as function of indium composition are summarized in         

Figure 7.16 (b). The QW-related emissions are observed to shift from 308 nm (4.03 eV) to 

358 nm (3.46 eV) as the InN molar fraction increases from 0.125 to 0.190 by changing QW 

growth temperature. The emission energy displays a linear dependence on the InN fraction in 

the studied composition range. Similar linear behaviours are also observed in literature date 

for InN molar fraction > 8% [39, 40, 41, 42, 43]. The PL peak intensities normalized to the 

brightest are plotted with solid square symbols. The highest PL intensity is obtained for QW 

grown at 730 °C. It is shown that the intensity significantly increases from the 790 °C sample 

to the 730 °C sample and then decreases. This drop could be explained by a high dislocation 

density that results from a large lattice mismatch between InAlN and AlGaN or that the lower 

growth temperature is leading to a higher degree of point defect incorporation within the 

InAlN QW. The FWHM of the QW-related emission peak for each sample was also 

calculated. The peak was found to sharper with increasing In content (lower QW growth 

temperature) with a linewidth of 28 nm at 710 °C indicating a good homogeneity of the 

indium distribution (taking into account the large bandgap different between AlN and InN). 
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7.3.3 Conclusion 

In this section, it was demonstrated that the RT optical properties of InAlN/AlGaN MQWs 

were affected by In content (QW growth temperature). We found that the presence of deep 

defects or impurities acting as preferential recombination centres is dominant in RT-PL 

spectra with lower In content. As a result of optimisation, strong RT luminescence from 

InAlN/AlGaN MQWs has been observed in the UV spectral range from 320 to 350 nm. This 

indicates that the InAlN alloys used as QW active region could be an alternative material for 

producing an intense emission in the shallow UV spectral range. 
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Figure 7.16: (a) RT PL spectra from InAlN/AlGaN MQWs region with different quantum well growth 

temperature (TQW). The dash circle indicates different emission. (b) Integrated PL intensity (IPL), PL peak 

position (λPL) and FWHMPL as functions of QW indium composition. 
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8 
Conclusion and Future Work 

8.1 Conclusions 

The main aims of this thesis were to study and develop the growth of III-nitride materials, 

including AlN, u-AlxGa1-xN, Si-doped AlxGa1-xN, and InxAl1-xN using MOVPE technology in 

order to investigate their applicability for UV LEDs with emission wavelength between 300 

and 350 nm. The study has both developed an understanding of these materials properties and 

also opened up more questions for analysis. 

The growth of high quality AlN on sapphire is much more challenging compared to GaN 

because of the lower surface mobility of Al adatoms compared to Ga adatoms in addition to 

the stronger gas phase parasitic pre-reactions of precursors in the case of MOVPE growth of 

AlN. In Chapter 4, different growth methods of AlN have been described and discussed. The 

initial pre-treatment on c-plane sapphire were found to be critical for the final AlN epilayer 

surface morphology. Hence, a proper TMAl pre-treatment was necessary to enable a better Al 

coverage leading to a robust Al-polar AlN surface.  

In addition, several types of surface feature were found in the AlN morphologies using two-

step growth process. Among them, the step bunching feature occurred by using a high miscut 

angle c-sapphire in combination with a high growth temperature. The motion of the steps in a 

one dimension model has demonstrated that the step bunching feature can be explained by a 

long diffusion length of Al adatoms and downhill diffusion with the presence of negative 

SESB. This leads to the investigation of three-step growth, which was able to get rid of the 

step bunching and enhance the crystal quality of AlN. However, step bunching was found to 

reoccur on 0.36° miscut angle samples for AlGaN growth.  

Finally, by carefully improving the respective growth conditions, we could decrease the 

dislocation density in AlN significantly by a three-step growth process as verified by reduced 

linewidths in X-ray diffraction and TEM studies. In an optimized three-step sample grown on 
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0.08°±0.02° miscut angle of c-sapphire, the (0002) and (101̅1) XRD FWHM values of 2.5 

µm thick AlN template were 280 arcsec and 500 arcsec, respectively. The screw and edge 

type dislocation density in the AlN were reduced to around 2.2×10
8
 cm

-2 
and 1.3×10

9 
cm

-2
, 

respectively, as estimated by TEM. An atomically smooth surface with an RMS roughness of 

around 0.3 nm achieved over (5×5 µm
2
 AFM scale).  

In Chapter 5, control of alloy composition, the maintenance of compositional uniformity 

across a growing layer surface and reduction of dislocation density are essential requirements 

for the development of high quality Al-rich AlGaN layers. Firstly, it has been shown that AlN 

epilayer surface morphology and crystal quality play a crucial role on these parameters for 

subsequently grown AlGaN layers. Secondly, Ga desorption was found to be a critical issue 

leading to high Al content films, but it can be suppressed by increasing NH3 and the MO flow 

rate. Moreover, strain relaxation value in these films increased with increasing Ga content, 

and was consistently higher for epilayers grown on β-AlN template than on α-AlN template, 

attributed to the high edge type dislocation density in β-AlN template. Therefore, Ga 

incorporation into AlGaN was found to be less with the increase of the compressive strain 

due to “strain pulling effect” (compositional pulling effect). Finally, the surface morphology 

evolution can be summarized by considering the mean adatoms surface diffusion length to 

the original effective terrace width ratio (LA/L). 

One important factor to develop UV LEDs is a high carrier concentration in Si-doped AlGaN 

epilayer. In Chapter 6, we have demonstrated that the maximum electron concentration of 

1.3×10
19 

cm
-3

 and 6.4×10
18 

cm
-3

 were achieved in n-type Al0.48Ga0.52N and Al0.6Ga0.4N 

epilayers grown on α-AlN templates measured by Hall effect measurements. In this chapter, 

the impact of threading dislocation density in structural, electrical and optical properties were 

investigated and discussed. In our experiments, Si doping induced a reduction of compressive 

strain and an increasing undesired tensile strain in the AlGaN epilayers and this change 

increased as the Si doping level increased. At high doping levels, Si-doped AlGaN epilayers 

with lower edge type threading dislocation density (TDD) were less changed in their strain 

state, being crack free, contrary to epilayers with higher edge type TDD. In brief, the level of 

dopant related strain is strongly dependent on the edge-type and mixed type TDDs. Therefore, 

low TDD AlN templates can provide less strain relaxation, but more flexibility for any device 

growth process without crack formation. Meanwhile, we found that the higher rate of 

relaxation of compressive strain promoted flat surfaces, which cloud be explained by 

counterbalance between the surface free energy and the bulk strain energy near the surface.  
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Moreover, our experiments exhibit that the attempt to incorporate Si donors is accompanied 

by the spontaneous generation of large numbers of native defects coming from Al-vacancies 

with their corresponding complexes with oxygen, which show a parasitic cyan emission in 

lower energy band. The reduction of such defects will finally minimize the parasitic 

luminescence transitions and is the most indispensable condition for the improvement of the 

conductivity of Si-doped AlGaN. A change in RT parasitic luminescence peak position was 

observed with variation of the Si/III ratio and Al content, which can be used as a 

preliminarily method to judge the optimal Si doping concentration. 

In Chapter 7, we investigated the InxAl1-xN thin epilayers grown on AlyGa1-yN templates and 

have found that In incorporation efficient is affected by the underlying layer strain state 

and/or the appearance of V-defects. A smoother surface was observed as growth temperature 

increases due to promotion of surface diffusion for Al adatoms. In the RT PL measurements, 

a RT luminescence from InxAl1-xN band-to-band emission decays significantly with 

decreasing In content probably owing to carrier localization effect. Meanwhile, a broad peak 

has been observed at lower energy side (2.0 to 3.3 eV) due to defects, which develops with 

increasing In composition.  

In the growth of InAlN/AlGaN MQW structures, exposing InAlN to a higher temperature 

during the ramp to the AlGaN barrier growth temperature (around 1100 °C) will suffer a 

significant In desorption. To overcome this issue, we have used Q2T technique to grow 

MQWs, about 2 nm of the AlGaN cap grown at the same temperature as the InAlN well 

which protects the InAlN during the ramp to barrier temperature. As a result, strong RT 

luminescence from InAlN/AlGaN MQWs has been observed in the UV spectral range from 

320 to 350 nm, which indicates that the InAlN alloys used as QW active region could be an 

alternative material for producing an intense emission in the shallow UV spectral range. 

8.2 Future work 

Several issues in III-nitride materials growth beyond the present study are needed to be 

explored further. The recommended works are listed as below: 

1) Further optimisation of AlN template growth 

An initial improvement of crystalline quality of the AlN/c-sapphire template has been 

achieved in this thesis. However, there is still a room for further improvement in AlN, (1) 

improvement in reproducibility and (2) crystal dislocation density. Reproducibility has 
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always been a concern for AlN growth, mainly due to the reactor memory effects in Aixtron 

CCS reactor, where NH3 as a molecule can be trapped in the reactor including chamber 

surrounding surfaces and wafer susceptor, and only outgases when the susceptor is operating 

at high temperature. H2 baking about 30 mins before growth does not remove all the 

impurities in the reactor. Future work, including alternative baking recipes, further 

optimisation of growth parameters and use of epitaxial lateral overgrowth (ELOG) growth on 

nanoscale patterned AlN/sapphire template, is necessary to achieve high quality AlN/sapphire 

templates.  

2) To enhance the electric properties of Si-doped AlGaN epilayers 

The high TDDs are currently the limiting factor in achieving high free carrier concentration 

and mobility in Si-doped AlGaN both in terms of the strain effects of silicon interacting with 

dislocations, and the possibility of preferential defect incorporation around dislocation cores. 

Regarding the Si-dislocation interaction, the models in the literature are still under debate. 

Our preliminary result showed that the edge type TDD played a significant effect on the 

strain relaxation process in Si-doped AlGaN. In β series experiments, our results revealed that 

the relaxation of compressive strain actually turned into tensile strain and eventually cracked 

the film. Therefore, in order to further understand how the dislocation interacts with point 

defects (vacancies), a systematic study of the effect of the crystal quality and Si-doping level 

in Si-doped AlGaN should be carried on by temperature-dependent PL, SEM-CL imaging 

and TEM characterization. 

3) To enhance the PL intensity in InAlN/AlGaN MQWs 

The introduction of InAlN/AlGaN MQWs in the active region has been demonstrated. 

Meanwhile, in the InAlN thin films experimental series, the effect of strong compressive 

strain in the underlying template appears to give rise to deep level defects which acts as non-

radiative recombination centres, which may suggest a change in defect formation energy with 

strain.  It also might be possible that the formation of In clusters may be reduced under 

compressive strain, which might allow easier carrier diffusion to defects at room temperature 

and hence lower internal quantum efficiency (IQE). Variable temperature PL of these 

samples might allow further understanding here which should take into account the effect of 

polarization and strain relaxation of their optoelectronic properties.  

 


