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a b s t r a c t

Tantalum polycrystals (grain sizes varying from 2.5 to 30 nm) generated by Voronoi tessellation were
subjected to tension and compression under uniaxial strain loading at strain rates on the order of
108–109 s−1 using molecular dynamics (MD) simulations. In contrast with MD simulations of FCC metals,
the response in tension is significantly different from that in compression. In tension, fracture is initiated
at grain boundaries perpendicular to the loading direction. It propagates along grain boundaries with
limited plastic deformation, at a stress in the range 10–14 GPa. This brittle intergranular failure is a
consequence of the high strain rate imposed by MD, leading to a stress that exceeds the grain-boundary
cohesive strength. Thus, grain-boundary separation is the principal failure mechanism. In compression,
on the other hand, there is considerable plastic deformation within the grains. This occurs at stresses
higher than failure in tension. The difference between tensile and compressive response for tantalum is
attributed to the difficulty in generating dislocations, in contrast with FCC metals, where tensile failure
occurs by void nucleation at grain boundaries associated with partial and perfect dislocation emission. In
BCC tantalum, both grain-boundary sliding and dislocation emission are much more difficult.

The compressive yield stress is found to increase with grain size in the 2.5 nmod o30 nm region.
This inverse Hall–Petch relationship is analyzed in terms of the contributions of dislocation motion and
grain-boundary shear to plastic deformation. As the grain size is increased the contribution of grain-
boundary sliding is decreased and plastic strain is accommodated by dislocation and motion. In tensile
deformation, on the other hand, this behavior is not observed.

& 2013 Elsevier B.V. All rights reserved.
1. Introduction

The plastic response of metals is dictated, in most cases, by shear
stresses. The motion of dislocations and generation and propagation
of mechanical twins are governed by the resolved shear stress on the
slip plane. Thus, the tensile and compressive strengths of polycrystals
are the same, if dislocations and twin partials are not shear-direction
sensitive, in the absence of crystallographic texture. Indeed, FCC and
HCP metals follow the Schmid law fairly closely. In BCC metals, there
are instances that lead to tension–compression asymmetry. This
phenomenon has been investigated in great depth by Vitek and
co-workers [1–6] and Seeger [7] and is attributed to the fact that the
dislocation core is not symmetric.

The decrease of flow stress with decreasing grain size (inverse
Hall–Petch relationship, also see Ref. [8]), initially identified
experimentally by Chokshi et al. [9] in the nanocrystalline regime,
was confirmed by MD calculations in FCC metals; it is attributed to
the growing role of grain-boundary sliding, since the grain-
ll rights reserved.

: +1 858 534 5698.
boundary surface per unit volume, Sv, is topologically related to
the grain diameter, d, through Sv¼3/d (spherical grains assumed
to a first approximation [10]). Grain-boundary shear can be taken
as proportional to Sv; thus, one can obtain a relationship between
the strain rate and the grain diameter at a constant stress: _ε∝Sv or
_ε∝1=d. Conversely, at a constant strain rate and fixed strain: sy∝d.
Specific detailed analyses, based on more rigorous assumptions,
have been developed by Conrad [11], and Argon and Yip [12].

Molecular dynamics simulations of FCC metal deformation have
been carried out exhaustively with efforts on dislocation configura-
tions [13–15], plastic deformation [16], grain size effects [8,17,18], and
void initiation and growth [19–22]. The potential functions that have
had the greatest success in copper are from the embedded atom
model (EAM) potential [23] by Mishin et al. [24]. The process of
initiation and evolution of plastic deformation is fairly well under-
stood in the nanocrystalline regime. Three mechanisms are found to
play pronounced roles: (a) dislocation generation and evolution at
grain boundaries; (b) twinning, and (c) grain-boundary sliding.
Jarmakani et al. [25] evaluated the contribution of different mechan-
isms for two grain sizes; the importance of grain-boundary sliding
decreased as the grain size increased. Li et al. [26] quantified the
contributions of grain boundary and dislocation mechanisms during
recovery of nanocrystalline aluminum.
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Fig. 1. Side views showing the atomic arrangement near a grain boundary before
and after relaxation. Only two adjacent grains were isolated from a 15 nm grain-
sized sample. Blue and red atoms are from neighboring grains (BCC), and green
atoms are non-BCC atoms. After relaxation there is a ‘sharpening’ of the boundary
visible through a decrease in the number of green atoms. GB structure includes
some [1−11]-oriented segments. (For interpretation of the references to color in
this figure legend, the reader is referred to the web version of this article.)
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Molecular dynamics computations by Schiøtz and Jacobsen [27]
first predicted a negative Hall–Petch slope for Cu in the nanocrys-
talline domain. Additionally, work by Vo et al. [28] and Koslowski
et al. [29] showed that the energetics of grain boundaries also play
an important role in the strength of nanocrystals. Dongare et al.
[30] studied the ductile failure and spallation of nanocrystalline Cu
[31] by MD for a mean size of 6 nm.

However, BCC metals have not been subjected to the same
number of investigations. The main reason is the difficulty of
implementing proper potential functions. The EAM potential for
tantalum has been developed by Guellil and Adams [32]. More
recently, the Finnis–Sinclair potential [33,34] as it has been
implemented by Dai et al. [35] has also been used. This has
enabled an improved understanding of void growth in tantalum,
studied by Rudd [36] and Tang et al. [37,38].

The principal goal of our study is to apply the methodology of
molecular dynamics to gain an improved understanding of poly-
crystalline plasticity in BCC metals. Tantalum was chosen as a
model material because of its excellent ductility in the polycrystal-
line regime. Indeed, total tensile elongations of �40% at 298 K and
�25% at 78 K are routinely observed [39]. Additionally, the
tension–compression asymmetry experimentally observed does
not take place for tantalum at temperatures equal to and above
ambient temperature and this contribution can be ignored.

There are only a limited number of MD studies on polycrystal-
line BCC metals, mostly focusing on deformation and fracture
mechanisms. Latapie and Farkas [40] investigated the fracture
behavior of nanocrystalline α-Fe samples containing mode I cracks,
with grain sizes varying from 6 to 12 nm. Both intragranular and
intergranular fracture were observed. The fracture resistance was
found to be grain-size dependent and there exists a “most brittle”
grain size [41]. Frederiksen et al. [42] studied the plastic deforma-
tion of nanocrystalline molybdenum sample containing 16 grains,
with a grain size of 12 nm, subject to tensile loading. The plastic
deformation was found to be mainly accommodated by formation
of grain-boundary cracks, even at an increased temperature of
1000 K. Rudd [43] simulated high-rate plastic deformation of
nanocrystalline Ta sample subjected to uniaxial and biaxial com-
pression, using a Finnis–Sinclair potential [33,34]. The nanocrystal-
line sample was generated by solidification of liquid Ta system and
had a relatively wide range of grain sizes, between 10 nm and 20
nm, 10–20 nm. A new quaternion method was proposed to
determine the local environment of each atom, i.e. atomic orienta-
tion, and both dislocations and twins were observed. Investiga-
tions of grain-size effects in BCC nanocrystalline metals were
conducted using MD simulations only for α-Fe and Ta. Recently
Jeon et al. [44] reported MD simulation results in uniaxial tension
of nanocrystalline Fe samples containing 16 grains, with grain
sizes varying from 3.7 to 19.7nm. An inverse Hall–Petch relation-
ship between flow stress, which was averaged over a plastic strain
interval of 0–4%, and grain size was observed when grain sizes
were smaller than the critical grain size 14.7 nm; while the peak
stress exhibited inverse Hall–Petch relationship within the whole
grain-size range studied. The break-down of Hall–Petch for the
averaged flow stress was found to be due to the transition of
deformation mechanism from dislocation activity to grain-
boundary activity when grain sizes were smaller than 14.7 nm.
MD simulations of uniaxial tension of nanocrystalline Ta samples
containing 16 grains, with grain sizes varying from 3.25 to 12.99,
were conducted by Pan et al. [45]. The flow stress at 5% strain and
the peak stress were found to decrease with decreasing grain size,
exhibiting an inverse Hall–Petch relationship. Strain-rate and
temperature effects were also studied. Dislocation activity, grain-
boundary activity, as well as local BCC to FCC and HCP phase
transformation were observed. However, in these Ta simulations,
the yielding strains were �0.1%, and the strains at which
maximum stresses occurred were �0.2, beyond, somewhat, the
strain at plastic flow within conventional deformation.

The computational investigation whose results are presented
here had two principal objectives: (a) to establish the deformation
mechanisms in a polycrystalline BCC metal in both tension and
compression, and (b) to investigate whether an anomalous flow-
stress–grain-size relationship is observed in the nanocrystalline
regime and to determine/estimate the critical grain size at which a
Hall–Petch relationship transits to inverse Hall–Petch relationship.
The regime accessible by molecular dynamics is ideally suited for
the investigation of nanocrystalline metals.
2. Computational methods

MD simulations were carried out using LAMMPS [46] with the
Extended Finnis–Sinclair potential [35] which gives correct elastic
constants at zero pressure and reproduces the pressure depen-
dence of specific volume up to values of close to 500 GPa [47]. In
the current work the pressure did not exceed 60 GPa; thus the
potential is very robust under the applied stresses.

Polycrystalline Ta samples were generated by Voronoi tessella-
tion, with periodic boundary conditions in all directions. The
polycrystalline specimens used in tension simulations had a
constant box size 200�200�200 unit cells with grains ranging
from 3.15 to 27.3 nm (Nsample¼16�106 atoms). The limitation in
the upper limit of the grain size is due to the number of atoms
contained in the volume (V¼(66 nm)3) and the requirement for a
minimum number of grains to represent a polycrystalline aggre-
gate. For compressive deformation, the same topological struc-
tures with 68 grains were used; the grain size was varied from 2.5
(cubic, L¼8.25 nm) to 30 nm (cubic, L¼99 nm, Nsample¼54�106

atoms). Simulations were carried out in a number of computer
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systems, from single core workstations, to the TeraGrid Super-
computer, using 512 cores.

The samples were equilibrated using conjugate gradient (CG)
minimization and then thermalized at 300 K for 10 ps; however
there is no thermostating during loading to capture possible
plastic heating effects. NVE integration was used with time steps
of 1–2 fs.The Common Neighbor Analysis (CNA) [48] filter was
used to reveal the defects generated by plastic deformation and
VMD [49] was used for visualization. The computations were
conducted at strain rates of 108 s−1 in tension and 109 s−1 in
compression.

In the Voronoi tessellation used to generate the nanocrystalline
structure, the grain orientation distribution is totally random,
Fig. 2. Plastic deformation and failure evolution of a polycrystal with 27.3 nm grain size u
(a) ε¼0, s¼0; (b) ε¼5%, s¼11.2 GPa; (c) ε¼5.25%, s¼9.30 GPa; (d) ε¼5.5%, s¼3.74 GP
circle in (d). Crack-induced twinning is shown in (e) for ε¼5.25% and the correspondin
thinner, moves away from the crack, as marked by red circles in (e) and (f). (For interpreta
version of this article.)
representing a non-textured bulk polycrystal. We used energy
minimization and equilibration at constant temperature (300 K)
and zero pressure to relax the original grain-boundary structure,
although we understand that annealing at an elevated tempera-
ture would increase grain boundary relaxation, albeit increasing
average grain size. After relaxation, the grain-boundary structure
did not change noticeably, and no ledges, steps or special grain
boundaries were observed. Fig. 1 shows the grain-boundary
structure before and after relaxation, for a particular grain bound-
ary. In this case, after relaxation there is a slight ‘sharpening’ of the
boundary.

However, another reason that might limit grain boundary
changes is that periodic boundary conditions and relatively low
nder uniaxial tensile strain (strain rate of 108 s−1, direction of traction marked in a);
a. Blue atoms are BCC atoms and green atoms are non-BCC. Twin is marked by red
g defect structure (non-BCC atoms) is shown (f). Note that the twin head, which is
tion of the references to color in this figure legend, the reader is referred to the web
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temperature (300 K) could prevent ledges, steps and special grain
boundaries from forming. These structures typically evolve with
grain growth, which is not relevant in this paper, where we focus
on plasticity at a particular mean grain size. Voronoi tessellation is
a standard procedure used in most nanocrystalline simulations of
3D grains. Comparison with experimentally observed grain-
boundary structures for nanocrystals is complex, since the experi-
mental grain-boundary structure is not necessarily an equilibrium
structure, and it is largely determined by grain-growth dynamics,
which cannot be addressed by Voronoi tessellation itself.

The structure of grain boundaries in metals has been studied
experimentally, analytically, and computationally (e.g., Murr [50],
Gleiter [51], Sutton and Balluffi [52]). Dislocation/disclination
models, coincidence site models, polyhedral models, and the
Displacement Shift Complete (DSC) lattice are some of the
approaches implemented to grapple this complex problem with
five macroscopic degrees of freedom. The structure and energy of
each boundary depend on these five variables and others. For
instance, in FCC metals, when the stacking fault is low, the
majority of the boundaries after some grain growth are ‘special’
boundaries, which have a lower mobility than random grain
boundaries and have significantly lower free energy. However,
grain boundary distributions might be different for nanoscale
grains and Wolf and co-workers [53–55] devoted great effort to
the computational modeling of grain boundaries in both FCC and
BCC metals.

As another example, Rohrer et al. [56] report that the incidence of
special grain boundaries Σ3 and Σ9 dominates the population of grain
boundaries in Ni after some growth. This is what led Holm et al. [57]
to choose Al in computations of the grain boundary energy in order to
obtain comparison with experimental results for different grain
boundary configurations. Interestingly, experimental results by
Fig. 3. Plastic deformation and failure evolution of a polycrystal with 8.2 nm grain siz
s¼12.2 GPa; (c) ε¼6.75%, s¼4.56 GPa; (d) ε¼7%, s¼1.97 GPa.
Voehringer [58] on Cu, and Meyers and McCowan [59] on Ni show
that the number of twins/grain increases significantly with grain
growth: from 1.1 to 2.6 when grain size increases from 10 to 550 mm
in Cu, and from 0.27 to 1.72 when grain size increases from 7.6 to
120 mm in Ni. This is corroborated at the nanoscale byMD simulations
conducted by Farkas et al. [60] showing that the number of twins/
grain increased from 0.1 to 0.9 when Cu was ‘annealed’ and the grain
size increased from 5 to 8 nm. Sputtered copper subjected to in situ
annealing and TEM observation [61] showed likewise an increase in
twins/grain from 0 to 1 when the grain size was increased from �50
to �270 nm. These results are a clear demonstration that the grain
boundaries change with grain growth. Regretfully, similarly detailed
studies for BCC metals like Ta are scarcer than studies for FCC metals,
but the role of grain growth is also expected to be important in the
grain boundary type distribution. In this study we focus on the
mechanical behavior of a non-textured sample, with grains below
100 nm, and grain growth does not play a role for the established
conditions.
3. Results and discussion

3.1. Grain size effects in tension

Fig. 2 shows the sequence of damage propagation for a grain
size of 27.3 nm. There is no obvious dislocation activity observed.
Failure initiates preferentially at boundaries normal to the traction
application direction and then continues along boundaries at an
angle with it. Separation of a normal boundary is circled in Fig. 2b
whereas the propagation of the crack by extension is shown in
Fig. 2c. There are also instances where twinning and dislocation
generation are associated with (or following) the formation of
e under uniaxial tensile strain (strain rate of 108 s−1); (a) ε¼0, s¼0; (b) ε¼6.5%,
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grain-boundary cracks. One such event circled in Fig. 2e and f
shows twinning followed by a crack and propagating away from
the crack. The twin formed at the cracked grain boundary has the
same morphology as that formed at the free surface of a void [62],
and the propagating direction of the twin can be recognized by
identifying the position of the twin head (thinner part of the twin,
as circled in Fig. 2f). Obviously the two phenomena are connected.
Crack formation by shear stress concentration at grain boundaries
due to dislocation pile-up or twinning is known as the Zener–
Stroh [63,64] mechanism in the metallurgical literature.

Reducing the grain size to 8.2 nm did not change the mechan-
isms of failure initiation and propagation. The sequence for an
8.2 nm grain size is shown in Fig. 3. The first crack opening is
circled in Fig. 3b; the same sequence occurs. There is only limited
dislocation activity, with failure propagating by openings along the
grain boundaries. Grain-boundary separation takes place with
minor plastic deformation. The normal stress at which the separa-
tion onset takes place, 12.2 GPa (ε¼6.6%) is slightly larger than for
grain size d¼27.3 nm: s¼11.2 GPa (ε¼5.25%).

Schematic representations of the two failure mechanisms are
shown in Fig. 4a and b (for grain-boundary crack initiation and
propagation) and c and d (for cracking and associated twinning).
The stresses at which these events occur are grain-size dependent.

These results are similar to the MD simulation of BCC nano-
crystalline molybdenum [42] and are surprisingly different from
earlier calculations for FCC copper [65]. In copper, there was
extensive stacking-fault emission from selected grain-boundary
regions, leading to the initiation of voids, which then grew along
the boundaries and eventually coalesced. The early growth process
in FCC copper was associated with profuse dislocation emission
into the grains.

Using MD simulations, Zhang et al. [66] observed twinning-
induced cracking in columnar nanocrystalline molybdenum sample
containing four grains. The occurrence of twinning before cracking in
this case is probably due to the lack of grain boundaries which are
normal to the tensile loading direction. They used hexagonal grains
and a loading direction parallel to two sides of the hexagon, and the
Fig. 4. Schematic representation of principal mechanisms identified for the failure of na
boundary normal to traction application direction; (c and d) grain-boundary separation
selected crystallographic orientations (hexagon with axis in o1104
direction) ease twinning in grains with higher Schmid factor (see
Fig. 1d by Zhang et al. [66]; 301 and 601 grains have twins but 01 and
901 grains with zero Schmid factor do not).

Fig. 5 shows the principal failure initiation mechanisms
observed for polycrystalline tungsten subjected to compressive
loading in a Hopkinson pressure bar [67]. Although the grain size
and strain rate regimes are radically different from the simula-
tions, the phenomena observed have considerable similarity. Both
twinning and cracking are observed and are indicated by numbers
in the figure. There is a definite correlation between the two
phenomena. The numbers indicate the events: 1: crack at twin–
twin intersection; 2: crack at twin–grain-boundary intersection; 3:
crack within twin; 4: crack at twin extremities. This response has
been attributed to the competition among three principal mechan-
isms: slip, twinning, and grain-boundary cleavage, each with its
own constitutive response. The high strain rate sensitivity in BCC
metals is the direct result of the small activation volume. Hence,
high strain rates will favor mechanisms that have lower strain-rate
sensitivity. It was hypothesized [67,68] that this was the case for
grain-boundary separation in tungsten, and the molecular
dynamics simulations corroborate this.

In support of the MD predictions are the experimental results
obtained in high-strain-rate deformation (�107 s−1) of vanadium
in uniaxial strain [69]. There was significant fracture, with frac-
tures propagated along the grain boundaries, in accordance with
the suggestion made here, that the flow stress exceeds grain-
boundary cohesion at high strain rates. These experiments also
revealed that monocrystals had a higher tensile strength than
polycrystals, in contrast with H–P predictions and in accordance
with competing deformation mechanisms having different regions
of dominance.

Fig. 6 shows the normal stress along the loading direction and
von Mises stress vs. strain curves for different specimens. There is
clear grain-size dependence, the maximum normal stress (a
measure of strength) increasing with decreasing grain size; while
the maximum von Mises stress decreasing with decreasing grain
nocrystalline tantalum in tension (a and b) grain-boundary separation starting at a
associated with twinning in a Zener–Stroh mode (crack induced twinning).



0

3

6

9

12

15
 d=27.3 nm
 d=20.5 nm
 d=13.6 nm
 d=8.19 nm
 d=5.12 nm
 d=3.15 nm

N
or

m
al

 s
tre

ss
 a

lo
ng

 
lo

ad
in

g 
di

re
ct

io
n 

(G
P

a)

Strain
0.00 0.02 0.04 0.06 0.08 0.10

0.00 0.02 0.04 0.06 0.08 0.10
0

1

2

3

4

5

vo
n 

M
is

es
 s

tre
ss

 (G
P

a)

Strain

 d=27.3 nm
 d=20.5 nm
 d=13.6 nm
 d=8.19 nm
 d=5.12 nm
 d=3.15 nm

d

Fig. 6. Stress–strain curves ((a) normal and (b) von Mises stresses) for nanocrystals
with different grain sizes under uniaxial tensile strain (strain rate of 108 s−1).

12

13

14
 Maximum normal stress

ax
im

um
 n

or
m

al
 s

tre
ss

 (G
Pa

)

3

4

5

6

 Maximum von Mises stress

xi
m

um
 v

on
 M

is
es

 s
tre

ss
 (G

Pa
)

Fig. 5. Twinning and cracking in high-strain rate compressive plastic deformation
of polycrystalline tungsten; 1: Crack at twin-twin intersection; 2: crack at twin-
grain-boundary intersection; 3: crack within twin; 4: crack at twin extremities
(from Dümmer et al. [67], Fig. 7, p. 6277).

Y. Tang et al. / Materials Science & Engineering A 580 (2013) 414–426 419
size (inverse Hall–Petch relationship). The grain size dependence
of the strength (maximum normal tensile stress) and the max-
imum von Mises stress is shown in Fig. 7. The inverse Hall–Petch
relationship of maximum von Mises stress is a result of the
increasing grain-boundary to volume ratio and grain-boundary
related plasticity with decreasing grain size. This is consistent with
MD predictions for FCC metals [13,70], in which enhanced grain-
boundary sliding and an inverse Hall–Petch slope were produced
below a critical grain size, but differs from that in the deformation
and fracture mechanisms. In BCC tantalum, plasticity and decohe-
sion of grain boundaries occurred without assistance of dislocation
activity; whereas profuse dislocations were observed in FCC
metals.

The grain-size dependence of the maximum tensile normal
stress in the molecular dynamics simulations is thought to be
connected to two factors:
M

 M
a

(a)
100101
11

Grain size d  (nm)

2

Fig. 7. Maximum normal stress and von Mises stress as a function of grain size d
under uniaxial tensile strain (strain rate of 108 s−1).
The size dependence of cohesive grain-boundary strength.
This is analogous to the classic problem of a rope, whose
strength decreases with its length. This behavior can be
represented by Weibull statistics. The problem is best posed
as: if a grain boundary with length l1 has a distribution of
strengths, what is the distribution of strengths of a boundary
with length l2¼Nl1?
(b)
 As the grain size is decreased, grain rotation, involving grain-
boundary sliding, becomes more prevalent. Thus, the stress
concentration at grain boundaries is accommodated by grain-
boundary activity. As seen in Fig. 6b, the von Mises stress for
small grain sizes is considerably lower than that for large ones.
Thus, the onset of decohesion is delayed, resulting in a higher
cohesive strength of grain boundaries.

The decohesion of grain boundaries is a typical brittle fracture

phenomenon in metals. This happens when the material has a
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high resistance to plastic deformation, grain boundaries are weak;
this is accentuated when the temperature is low and/or strain rate
is high. In the computations, even when the temperature was
increased to 1000 K, this decohesion phenomenon was still
observed, as shown in Figs. 8 and 9, indicating that the flow stress
was still higher than the grain boundary cohesive strength. There
is a significant increase in thermal agitation with increasing
temperature T, shown in Fig. 8 through the increased fraction of
atoms in light color; Fig. 9 shows the effects of temperature,
direction of loading, and strain rate on the mechanical response.
We note that temperature is assumed to play an important role
during plastic deformation of BCC metal, related to the
temperature-dependent dislocation mobility. For the nanocrystals
simulated here dislocations do not play any role, even in grain
with experimentally achievable grain sizes, and temperature
effects are only related to GB decohesion.

3.2. Grain size effects in compression

In compression, the tensile stresses acting normally to the
boundaries are considerably reduced and therefore reaching the
cohesive strength requires much higher applied stresses. These
stresses have been calculated by Ashby and Hallam [71], and Hori
and Nemat-Nasser [72]. Thus, the deformation and failure mechan-
isms can be very different from tension. As seen in Fig. 10, nanocrys-
talline tantalum undergoes large strain (0.18) without grain-
boundary separation. Filtering of the atoms with CNA reveals the
dislocation pattern. Plasticity (dislocations and twins as seen in
Fig. 11) is initiated from grain boundaries at a von Mises stress
considerably higher than in tension (6 GPa for d¼30 nm in compres-
sion vs. 4 GPa for d¼27.3 nm in tension). It should be noted that
these values are much larger than the ones encountered in high-
strain-rate experiments by Wei et al. [73]: the flow stress of
Fig. 8. Effect of temperature on fracture of a 10 nm grain size sample under uniaxial te
T¼1000 K, ε¼12%; and at 108 s−1 (d) T¼1000 K, ε¼6.58%.
nanocrystalline Ta with average grain size of �40 nm in compression
was 1–2 GPa. This is due to the much higher strain rates and smaller
grain sizes in the MD computations. For the smaller grain size
(7.5 nm), only a few dislocations are observed (Fig. 11a), whereas a
much larger number of dislocations are found in the sample with the
largest grain-size (30 nm) (Fig. 11b). A few twins are also found in the
largest grain sized sample (Fig. 11b). It will be shown in Section 3.2.1
that the contributions of grain-boundary sliding and dislocation
movement are grain-size dependent.

The normal stress along the loading direction and von Mises
stress vs. strain curves for different grain sizes are shown in
Fig. 12a and b, respectively. There is a clear grain-size dependence,
as shown in Fig. 12b. The maximum von Mises stresses, and the
von Mises stresses at strains of 5%, 15% and 18% decrease with
decreasing grain size. This behavior (inverse Hall–Petch relation-
ship), shown in Fig. 13, is also observed in MD simulations of FCC
nanocrystalline metals but typically occurs below a critical grain
size (15–20 nm for Cu) [27] which is much smaller than in the
present case (435 nm). In contrast with tensile deformation, the
grain-size dependence of the von Mises stress in compression is
directly related to plasticity, including both grain-boundary sliding
and dislocation motion.
3.2.1. Dislocation activity: dislocation density analysis
In this section the contributions of the different mechanisms to

the total strain will be extracted for different grain sizes. One can
consider the total shear strain γt as composed of three components

γt ¼ γe þ γd þ γGb; ð1Þ

where γe is the elastic strain, γd is the contribution from disloca-
tions and γGb is the contribution from grain boundary sliding.
nsile strain at a strain rate of 109 s−1 (a) T¼10 K, ε¼8.67%; (b) T¼300 K, ε¼8%; (c)
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The Orowan equation is, in the absence of an orientation term M

γd ¼ ρlb; ð2Þ
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Fig. 9. Stress–strain curves ((a) normal and (b) von Mises stresses) for nanocrystal
with 10 nm grain size under different loadings (uniaxial tensile and compressive
strain, strain rate, temperature).

Fig. 10. (a) Initial (ε¼0) and (b) after deformation (ε¼18%) images of a polycrystal with 7.5 nm
horizontal, and different grains are colored by different colors. (For interpretation of the referen
where ρ is the dislocation density, l is the distance that the
dislocation moves (we assume l≈d) and b¼0.286 nm is the Burgers
vector. The density ρ can be expressed as

ρ¼ nd

d3
¼ n

d2
ð3Þ

where n is the total number of dislocations in a grain with
diameter d. Thus, n can be expressed through Eqs. (2) and (3)

n¼ γdd
b

ð4Þ

From Eq. (4), one can see that the total number of dislocations per
grain at a specified plastic shear strain is proportional to the grain
size d, if no grain boundary shear takes place. Alternatively, at a
specified dislocation density ρ, the total number of dislocations n is
proportional to d2.

According to the Orowan equation (Eq. (2)), one should expect
a decrease in ρ with increasing d

ρ¼ γd
bd

ð5Þ

The dislocation density ρ, assuming that the plastic deformation
γt−γe is totally accommodated by dislocation movement (i.e.
γt−γe¼γd), can be calculated from Eq. (5). To obtain the plastic
shear strain γd from the von Mises stress–uniaxial strain curve
(Fig. 12b), elastic unloading is assumed to subtract the elastic shear
strain γe from the total shear strain γt. It should be pointed out that,
for uniaxial strain, the von Mises stress is twice the shear stress
and the uniaxial strain is numerically equal to the shear strain γt.
For d¼7.5, 10, 15, and 30 nm, the values for γd obtained at a
uniaxial strain of 0.18 (γt¼0.18) are, 0.133, 0.131, 0.135 and 0.140,
respectively. The corresponding values for the required dislocation
density ρ (assuming no grain-boundary shear) obtained from
Eq. (5) are 6.20, 4.58, 3.15 and 1.63�1016 m−2, respectively.
Fig. 14 shows the decrease in dislocation density with increasing
grain size if all plastic deformation is accommodated by disloca-
tion generation and motion. The dislocation density is propor-
tional to 1/d.

If plastic deformation also occurs by grain-boundary activity,
the required dislocation density will deviate from the calculated
values above (�1/d). In order to quantitatively determine the
actual contribution of dislocations to plastic deformation for
different d, the dislocation density was calculated directly from
the atomistic simulation results using the algorithm and software
tool DXA developed by Stukowski and Albe [74]. It is noted that
the calculated dislocation density also includes contributions of
grain size under uniaxial compressive strain (strain rate of 109 s−1). Loading direction is
ces to color in this figure legend, the reader is referred to the web version of this article.)



Fig. 11. Defects identified by CNA in polycrystals with small and large grain sizes under uniaxial compressive strain (strain rate of 109 s−1). (a) d¼7.5 nm, ε¼18%, s¼52.7 GPa;
dislocations are circled. (b) d¼30 nm, ε¼18%, s¼50 GPa, twin is circled. The number of dislocations is much larger in sample with 30 nm grain size than that with 7.5 nm grain size.
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grain-boundary dislocations, which are not involved in dislocation
plasticity. The fraction of these grain-boundary dislocations could
be noticeable, especially for small grain sizes. Therefore, the initial
dislocation density (at ε¼0) is subtracted from the calculated total
dislocation density to eliminate the contributions of grain bound-
ary-dislocations, given the fact that density of grain boundary-
dislocations would not change much during deformation. Fig. 15
shows the calculated dislocation density ρ after subtraction as a
function of total strain for different grain sizes d. The dislocation
densities for grain sizes of 7.5, 10, 15 and 30 nm are almost at the
same level up to a strain of 20%. At a total strain of 0.18, the
dislocation densities for different grain sizes d¼7.5, 10, 15, and
30 nm are 2.76, 2.44, 2.63 and 2.3�1016 m−2, respectively.
For comparison, they are also plotted in Fig. 14 (red line).
The grain size dependence of ρ is significantly lower than if all
plastic deformation were accommodated by dislocation slip.
Thus, another deformation mechanism has to operate: grain-
boundary shear.

The results computed from Eq. (5) are only approximate, since
we assume that the dislocation displacement is equal to d, when in
reality it is a fraction of it (lod in Eq. (2)). Additionally,
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dislocations move in more than one slip plane and this introduces
an orientation factor. These effects are grouped under the same
parameter M which is used in the normalization.

γd ¼Mρbd ð6Þ

The factor M¼0.71 was used in obtaining the normalized curve,
which is shown for comparison in Fig. 14 (blue line). It is very clear
that, for grain sizes smaller than 30 nm, the plastic deformation is
accommodated by both dislocation motion and grain boundary
shear. The curves approach each other as the grain size is
increased, showing that the contribution of grain boundary shear
decreases as the grain size d is increased.

Thus, we conclude that the increase in von Mises stresses with
increasing grain size (inverse Hall–Petch relationship) in Fig. 13 is
the result of the transition of deformation mechanisms from grain-
boundary sliding to dislocation movement when d increases. For
the small grain sizes, grain-boundary involved plasticity is easier
to occur, due to both the small size and the large grain boundary to
volume ratio, which leads to a lower shear stress (von Mises
stress). As the grain size increases, it is more difficult for grain-
boundary involved plasticity to occur, and the shear stress
increases until emission of dislocations from grain boundaries
dominates the deformation and reduces the shear stress.
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Fig. 15. Dislocation density as a function of strain under uniaxial compressive
strain (strain rate of 109 s−1); dislocation densities up to 20% are almost at the same
level for d¼7.5, 10, 15 and 30 nm.
3.2.2. Grain boundary activity: displacement field analysis
In order to quantitatively evaluate the role of grain boundaries

during compressive deformation of nanocrystals, the displacement
field of the sample was calculated to identify the operating
deformation mechanisms. A linear displacement field along the
loading direction, corresponding to the uniform strain field, was
subtracted from the full displacement field to eliminate the
constant part of the displacement gradient and to represent its
nonuniformity. Although the residual displacement field (devia-
tion from linear field) is not exactly identical to plastic deforma-
tion, it is directly related to it, and thus is a good representation.
Plastic deformation is difficult to be quantitatively defined and
represented at the atomic scale.
Fig. 16a shows the residual displacement field (deviation from
linear field) for d¼5 nm. Large deviations always occur for grain
boundary atoms, while the atoms in the grain interiors preferen-
tially stay at their reference positions (linear field or uniform
strain). This can be attributed to the elastic compatibility effect.
Several deformation mechanisms involved can be identified:
(a) grain boundary migration (atoms located at both sides of a
grain boundary move in the same direction, normally to the grain
boundary), (b) grain boundary diffusion (atoms located in one side
of a grain boundary move through the grain boundary into the
neighboring grain) and (c) grain boundary sliding (atoms located
at both sides of a grain boundary move in opposite directions
parallel to the grain boundary). For a particular grain, sliding of
different grain boundaries in the same clockwise/counterclock-
wise direction leads to grain rotation, as shown in Fig. 16b, and
sliding in different clockwise/counterclockwise directions leads to
grain shear. As seen in Fig. 16c, the grain is elongated in the
horizontal direction by shear. Another way to show grain rotation
is through atomic images. As seen in Fig. 17a and b, an isolated
grain is shown, and rotation is observed by comparing the
orientation change (marked by yellow arrows in Fig. 17a and b)
after deformation. However, it is also possible that this orientation
change is only contributed by the uniform compressive strain.
From the residual displacement field, in which the contribution of
uniform strain is already eliminated, now it is clear that there is
indeed grain rotation induced by grain boundary sliding, as shown
in Fig. 17c.

Fig. 18 shows the residual displacement field for d¼15 nm and
the corresponding atomic image. It is found that, for some grains,
only the grain boundaries undergo large plastic deformation,
while the interior has small residual displacement and there are
no defect generated, as shown in the grain marked as “1” in Fig. 18a
and b. This is similar to the 5 nm grain size. However, in some
other grains, nearly-uniform large residual displacements can be
found for some part of the interior, which is the result of shearing
of the grain, as shown in the grain marked as “2” in Fig. 18a.
Dislocations or twins may be generated by such shear deforma-
tion, which is consistent with the fact that there are many more
dislocations in the interior of larger grains, as seen in Fig. 11b.
Actually, two twins are found in the grain marked as “2”, as shown
in Fig. 18b. It is worthy to point out that displacements for a larger
grain size d1 are somewhat larger than that for a smaller grain size
d2; however, if the displacements are scaled by the ratio of grain
size d1/d2, they will be smaller.



2 nm 

Fig. 16. (a) Residual displacement field (in-plane) for sample with 5 nm grain size under uniaxial compressive strain (ε¼18%, strain rate of 109 s−1, only a slice, 0ozo0.3 nm
is shown, different colors indicate different grains); (b) rotation and (c) elongation of grains in x direction by grain boundary sliding. (For interpretation of the references to
color in this figure legend, the reader is referred to the web version of this article.)

Fig. 17. Initial and deformed images of a representative grain in sample with small grain size (d¼5 nm) under uniaxial compressive strain (strain rate of 109 s−1). Loading
direction is horizontal. Difference in orientations marked by yellow arrows in (a) ε¼0% and (b) ε¼18% indicate grain rotation (θ≈18% during deformation); (c) residual
displacement field showing grain rotation (ε¼18%). (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)
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4. Conclusions

Nanocrystalline tantalum behaves differently in tension and
compression. In tension, decohesion of grain boundaries occurs
before plasticity due to the high flow stress at the imposed strain
rate (�108 s−1) which exceeds the grain-boundary cohesive
strength. This is a direct consequence of the high Peierls–Nabarro
(P–N) stress in BCC metals, which is responsible for their high
strain-rate sensitivity. Grain-boundary decohesion and plastic flow
are competing processes and, as the strain rate increases, the flow
stress increases and will eventually exceeds the grain-boundary
decohesion stress. This leads to the occurrence of intergranular
brittle fracture at high strain rates.
In compression, plasticity occurs in the form of both grain
boundary sliding and dislocation activity, Deformation is accom-
modated primarily by grain boundary activity for the smaller grain
sizes, and by dislocation generation and motion for larger grain
sizes. A transition from grain-boundary plasticity to dislocation
plasticity is starting for grain sizes larger than 20 nm.

It is observed that the maximum von Mises stress increases
with increasing grain size from 2.5 to 30 nm. An inverse depen-
dence of flow stress on grain size was obtained in compression.
This is due to the decreasing role played by grain-boundary shear
as the grain size is increased. We quantitatively estimate the
contributions of plastic deformation by dislocation motion and
grain-boundary shear for the grain sizes (2.5–30 nm) investigated.
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Fig. 18. (a) Residual displacement field (in-plane) for 15 nm grain size sample
under uniaxial compressive strain (ε¼18%, strain rate of 109 s−1, only a slice,
0ozo0.3 nm is shown, coloring is according to grain orientation). For grain 1
(green), similar to 5 nm grain case, only grain boundaries undergo large plastic
deformation (mostly sliding), the interior has small residual displacements; for
grain 2 (light blue), besides grain boundaries (migration and sliding), interior also
has large plastic deformation, which is a result of shear of the whole grain,
generating dislocations or twins; (b) the corresponding atomic image showing no
defects generated in grain 1 and two twins (marked by red circles) generated in
grain 2. (For interpretation of the references to color in this figure legend, the
reader is referred to the web version of this article.)
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The mechanisms of grain-boundary sliding are identified through
the tracking of the flux of atoms.

Grain boundary configurations modeled in this simulation
study are not necessarily the same as the ones obtained experi-
mentally, since experimental grain structures depend strongly on
detailed nanocrystal synthesis conditions, often including grain
growth due to annealing. When grain growth is involved, grain
size effects might not only be due to scale, but also to possible
changes in grain boundary nature. Here we isolate the scale effect,
and focus on mechanical properties for a given average grain size
at the nanoscale.
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