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A multiscale methodology using scanning and transmission electron microscope, synchrotron X-ray nano-
tomography and micro-tomography, small angle neutron scattering, and in situ synchrotron X-ray diffrac-
tion has been used, to reveal the effect of Fe-rich phases and precipitates on the mechanical behaviour
of an Al-Cu-Mn-Fe-Sc-Zr alloy. The «-Al grains size is reduced from 185.1 um (0 MPa) and 114.3 um
(75 MPa) by applied pressure. Moreover, it has been demonstrated that suitable heat treatments modify
the 3D morphology of Fe-rich phases from interconnected to a disaggregated structure that improves the
mechanical properties of the alloy. The size and morphology evolution of fine precipitates under differ-
ent ageing temperature and time are revealed. At ageing temperature of 160 °C, the precipitates change
from GP zones to 6’ (around 75 nm in length) with ageing time increasing from 1 h to 24 h; the Vick-
ers hardness increases from 72.0 HV to 110.7HV. The high ductility of the Sc, Zr modified Al-Cu alloy is
related to the complex shape and the loss of interconnectivity of the Fe-rich particles due to the heat
treatment. The evolution of the crystal lattice strains in «-Al, and B-Fe calculated during tensile test us-
ing in-situ synchrotron X-ray diffraction corroborates the influence of the microstructure in the ductility
of the modified alloy.
© 2023 Published by Elsevier Ltd on behalf of The editorial office of Journal of Materials Science &
Technology.
This is an open access article under the CC BY license (http://creativecommons.org/licenses/by/4.0/)

1. Introduction

purity, which forms hard and brittle Fe-rich phases during solidi-
fication [6]. These Fe-rich phases, especially plate-like or needle-

Aluminium-copper (Al-Cu) based alloys are structural materials
widely used in the transport and aerospace industries due to their
outstanding high-specific strength, excellent corrosion resistance,
and good elevated-temperature properties amongst light alloys [1-
3]. As lots of these Al-Cu parts are coming to the end of their ser-
vice lives, recycling and reuse of scraps has become the very pro-
ductive route to reduce solid waste and save energy [4,5]. A com-
mon problem with recycled Al alloys is their high levels of Fe im-
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like shapes, significantly reduce the elongation, fatigue strength,
and tensile strength of alloys [7,8]. Hence, extensive attempts [9—
11] have been made to modify the morphology of Fe-rich phases
into less detrimental shapes. It is well known that up to 0.6% Mn
(wt.%) combine with Fe to form complex-shaped and compact Fe-
rich phases in Al-Cu alloys [7,9-11]. However, excess Mn content in
these alloys results in the formation of an increased volume frac-
tion of Fe-rich phases that decreases their tensile properties. Our
previous studies also showed that Mn is an ideal element to re-
duce the formation of plate-like Fe-rich phases and enhance their
properties [7]. However, it is necessary to improve the mechani-
cal properties of Al alloys by reducing the size of plate-like Fe-rich
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phases and Al grains. Manufacturing Al alloys by applying pres-
sure during solidification is a useful method to refine microstruc-
ture and enhanced the mechanical properties [7,9-16]. Applying
pressure above the liquids temperature force the liquid feeding
and eliminate the formation of shrinkage and pores resulting in
the improvement of mechanical properties, especially the ductility
[7,9-11]. Also, applied pressure reduces the air gap between the
solidifying metal and the metallic mould and thus increases their
contact area and the heat-transfer coefficient [13]. This resulting
higher cooling rate can also refine the size of Fe-rich phases and
improve the properties [12-16].

This strategy can be combined with the addition of grain re-
finers in the alloy. Hereof, Scandium (Sc) is being recently added
to Al-Cu alloys to improve grain refinement and mechanical prop-
erties [16-22]. The minor addition of grain refiner has a good
grain refinement of Al alloys during solidification [23-31]. Previ-
ous studies [17-20] have systematically studied the effect of Sc
addition to Al-Cu alloys, and found that Sc promotes the precip-
itation of 6’-Al,Cu, reducing its size and narrowing the size distri-
bution. It has also been reported that Sc addition can significantly
reduce the grain size of the Al matrix, in which Al;Sc serves as
heterogeneous nucleation sites for «-Al [18]. Also, the number of
6’-Al,Cu phases significantly increases with Sc addition, but their
length and width clearly decrease [18]. Cu atoms segregate at the
Al3Sc/matrix interface, to form the Al3Sc/6’-Al,Cu interface, which
blocks the growth of Al;Sc phases and increases the thermal stabil-
ity of the Al3Sc nanoprecipitates [19-21]. This similar phenomenon
is also observed in the Al-Cu-Y, Al-Cu-Er, Al-Cu-Yb, and Al-Cu-Gd
alloys [32,33]. However, the excess of Sc in Al-Cu alloys lead to
the formation of the ternary intermetallic phase of W-AlgCuySc,
which consume the Cu solute available for precipitation, which de-
creases the mechanical properties [34,35]. In practice, Zr is com-
bined with Sc added to Al-Cu alloys to refine the Al3Sc precipi-
tates and increase their thermal stability, finally resulting in the
improved mechanical properties. [35-38]. These improvements are
related to the presence of fine Al3(ScZr) precipitates that promote
nucleation and refinement of the 6’ precipitates during ageing.

The precipitation sequence of Al-Cu alloys is well established
and can be summarized as follows [39,40]: supersaturated solid
solution (SSSS)— Guinier Preston (GP) zone—6'"' precipitate—6’
precipitate—0 precipitate. However, grain refiners as Sc and Zr
modify the precipitation kinetics. Small angle X-ray/neutron scat-
tering (SAXS/SANS) is a powerful method providing rich informa-
tion about the size distributions of precipitates in alloys [41-43].
Hence, SAXS and/or SANS are widely used to evaluate the size,
shape and distribution of nano-precipitates in Al-Cu alloys during
ageing [43]. The in situ SAXS method was used to study the real-
time evolution of the thickness of 6’ precipitates in Al-Cu alloys
during non-isothermal heating [43]. However, the type and size of
precipitates in Al-Cu-Mn-Fe-Sc-Zr under different ageing treatment
are not clear yet.

Synchrotron radiation X-ray computed tomography (SRXCT) is a
powerful technique that can determine the size, 3D morphology,
and spatial distribution of intermetallic phases in Al alloys [44].
A number of investigations [45-48] have been carried out by the
present authors to study the evolution of 3D morphology of Fe-
rich phases in Al alloys using SRXCT. The Fe-rich phases in Al-Cu
alloys have a complex interconnected network 3D structure [46-
48]. Moreover, the in situ nano-scale SRXCT [49] has been used to
capture the initiation and evolution of damage of 3D 6’ precipita-
tion in Al-Cu alloys during nanomechanical testing. The crack initi-
ation and propagation processes in Al alloys during tensile and fa-
tigue tests have also been studied by in situ SRXCT [50-57]. Crack
initiation and propagation are most likely to occur at a hard eu-
tectic Si, Fe-rich phase, and Al,Cu phases in the vicinity of pores
in A319 Al alloys [50]. The high Fe and Si contents in Al-Zn-Mg-
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Cu form a high volume fraction of Fe-rich phases, which act as
the initiation sites for the cracks during tensile tests and lead to a
change from ductile to quasi-cleavage fracture [51]. Fe-rich phases
and pores have an important role in strain distribution, crack prop-
agation, and final fracture during the tensile test [52]. Cracks initi-
ate at hard Fe-rich and eutectic Si phases around the pores in Al-
Si-Cu alloys. These interconnected hard particles provide the route
for crack propagation [53]. In recent years, the effect of secondary
phases in the mechanical behaviour of light alloys is being exten-
sively investigated during tensile tests using in situ High-energy
Synchrotron Radiation X-ray Diffraction (SRXD) [58-62]. The com-
bined study of the lattice strain and full width at half maximum
(FWHM) allows describing how the secondary phases influence the
mechanical properties of the alloy.

In this work, a comprehensive study has been carried out to
describe the microstructural evolution in Al-Cu-Mn-Fe-Sc-Zr alloy
during solidification and after T5 ageing treatment and their effect
on the mechanical behaviour of the alloy. In particular, the influ-
ence of Fe-rich particles and precipitates that greatly influence me-
chanical behaviour has been clarified. Moreover, the influence of
3D morphology and distribution of Fe-rich on the strain in grains
of the polycrystal during the tensile test has also been determined
by micro-scale and nano-scale SRXCT and in situ SRXD.

2. Experimental procedure
2.1. Sample preparation

The studied alloys were prepared using commercial pure Al
(99.9%) and, Al-50Cu, Al-10Mn, Al-10Fe, Al-2Sc, and Al-2Zr mas-
ter alloys. In total, 5 kg of raw materials were melted in a graphite
crucible inside an electric-resistance furnace. They were gradually
heated to approximately 800 °C and then held at this temperature
for 0.5 h for homogenization. 0.2% hexachlorobenzene (C,Clg) was
added into the Al melts for slag removal and degassing. Then, the
Al melts were cooled to 750 °C and prepared for casting. Finally,
the melts were poured into a steel mould (preheated to 250 °C).
For the squeeze casting, the melt was solidified under 75 MPa ap-
plied pressure [9-11]. This applied pressure during solidification
eliminates the pores and refines the microstructure. To study the
evolution of the precipitates of the studied alloys, the resulting cast
ingots were heated at 538 °C for 12 h to obtain a supersaturated
solid solution. Samples from these ingots were subjected to heat
treatments at 120 and 160 °C for 1, 4, 12, and 24 h, respectively,
to study the influence of ageing on the mechanical properties of
the alloys. Considering the relationship between ageing treatment
and hardness in Al-Cu alloys, the typical heat treatment process
was used: solid solution at 538 °C for 12 h and ageing 160 °C for
8 h. The chemical composition of the Al-Cu-Mn-Fe-Sc-Zr alloy was
analysed by using an optical emission spectrometer as 4.91% Cu,
0.61% Mn, 0.30% Fe, 0.10% Sc, 0.08% Zr in weight.

2.2. 2D microstructural and mechanical characterization

Samples with 10 mm in diameter and 20 mm in height for
metallographic observation were cut directly from the ingots. They
were prepared through the standard metallographic process of
grinding, polishing, and etching with 4% HNO3; aqueous solu-
tion. The samples were observed using a scanning electron micro-
scope (SEM, Zeiss Sigma 500, Germany) coupled with an energy-
dispersive spectrometer (EDS, Oxford, UK). The operating voltage
is 20 kV. The morphology of Fe-rich phases was determined by
dissolving the «-Al matrix of the samples using a mixed solu-
tion of iodine and methanol (4-5 h). An X-ray diffractometer (XRD,
Rigaku Smartlab, Japan) with a Cu target (diffraction angle: 0-90°,
step: 0.013°) was used to study the different phases present in the
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studied alloy. The morphology evolution of the precipitates was
determined by TEM (Tecnai G2 F30) with EDS analysis, operated
at 200 kV. The phase transformation temperature was determined
by differential thermal analysis (DTA, NETSCH Jupiter STA 449 F3).
These samples were heated with a heating rate of 10 °C/min into
an argon atmosphere. The Electron Back-scatter Diffraction, EBSD
samples were polished using a vibration-polishing machine (ZPG-
300, China) for 4 h with a frequency of 58 Hz. The samples were
tilted 70° with respect to the SEM detector and the sample to de-
tector distance was 10 mm. The step size was 2 um x 2 um. The
data were analysed using HKL Channel 5 software. The strength of
the alloys under different ageing times was determined by Vickers
micro-hardness. A load of 50 g was applied with a holding time of
10 s. At least 10 measurements were repeated to get the average
value.

2.3. Ex-situ synchrotron X-ray tomography experiment

The micro-scale synchrotron X-ray tomography experiments
were performed at BLI3HB beamline, Shanghai Synchrotron Radia-
tion Facility (SSRF), Shanghai, China. The detailed experimental de-
scription can be found elsewhere [45,63]. The samples for tomog-
raphy experiments were machined into 1 mm diameter cylinders.
The spatial resolution was 0.65 pm/pixel. The samples rotated 180°
and 1200 projections were obtained during the rotation. The ex-
posure time was 0.3 s for every single projection. These projec-
tions were reconstructed using PITRE and PITRE-BM software [G4].
The 3D morphologies of Fe-rich phases and pores were extracted
by Avizo software. The detailed reconstruction procedure can be
found in the Refs. [45-48].

Due to the extremely complex morphology of the Fe-rich
phases, it is very difficult to clearly describe the 3D morphology of
Fe-rich phases with a pixel size of 0.65 pum. For this reason, two
samples with heat-treatments were studied by nano-scale SRXCT.
The nano-scale synchrotron X-ray tomography experiments were
performed at 4W1A beamline, Beijing Synchrotron Radiation Facil-
ity (BSRF), Beijing, China. The detailed description of the nano-CT
setup can be found in Ref. [65]. The energy of the full-field trans-
mission X-ray microscopy is 8 keV. The detector is formed by an
array of 1024 x 1024 pixels. The effective pixel size of the study is
about 64 nm. The field of view is 65 um x 65 pum. After the pro-
jections were collected, they were reconstructed by the software
provided at the beamline station.

2.4. Small angle neutron scattering (SANS) experiment

SANS was used to measure the size and distribution of pre-
cipitates in the alloys under different ageing statement. SANS ex-
periments were performed at the SANS beamline of China Spalla-
tion Neutron Source (CSNS), Dongguan, China. The power of the
neutron source was 50 kW. The incident neutrons with a wave-
length range from 1 A to 9 A were used. The sample to detector
distance was 4 m and a sample aperture of 6 mm in diameter
was used in the measurements. The detector array was composed
by linear He-3 gas tubes, which cover the Q-range between 0.01
A-1 and 0.6 A-1. The collection time for the scattering experiment
was approximately 2 h for each sample. Neutron data were cor-
rected for background scattering (empty sample holder), transmis-
sion and detector efficiency, and set to absolute units. The details
of the correction process can be found in [66]. The size and dis-
tribution of the precipitates in the alloys were analysed by a com-
bination of power-law + spheroid models. The fit process of the
SANS data was carried out by using the Igor software [67]. The
spheroid model considers two contributions to the SANS curves:
(a) low-Q region corresponding to power law scattering from the
boundary of large obstacles, such as coarse precipitates, and grain
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boundaries; (b) high-Q region corresponding to small precipitates.
The total scattering intensity is therefore described by [68]:

2 o
1(Q) = AQ™ +NP(A,0)2<§JT> /F(R)R6P(QR)dR+Bg 1)
0

where I(Q) is the scattering intensity, Q = 4msinf/A is the mo-
mentum transfer modulus, A is a scale factor. The Porod-type con-
tribution is described by the AQ™ power law m is the decay ex-
ponential coefficient. N is the number density of precipitates, Ap
is the difference in the neutron scattering length distance between
the precipitates and the matrix.

2.5. In situ synchrotron X-ray experiments

The tensile test synchrotron X-ray tomography experiments
were performed at BL13HB beamline, Shanghai Synchrotron Radi-
ation Facility (SSRF), Shanghai, China [42-45]. This quasi-in situ X-
ray tomography experiment was used to observe the damage evo-
lution during the tensile test. The image height was 4 mm, and the
pixel size was 3.25 um. The photon energy was 26 keV and the
exposure time was 0.5 s per projection. Projections were acquired
every 0.25° within a range of 180° using a step-scan mode, giving
720 projections for volume reconstruction. The reconstruction and
3D rendering scheme for processing the projection images are the
same as the one described in Section 2.3.

The in situ tensile and ageing test with synchrotron X-ray
diffraction experiments were performed at BL14B1 beamline,
Shanghai Synchrotron Radiation Facility (SSRF), Shanghai, China.
The aim of in situ tensile test is to study the crystallographic ori-
entation strains during the tensile test. It provides a beam energy
of 18 keV, beam size = 200 x 200 um?, and a wavelength of
A = 0.688 A. The detailed description of in situ tensile test set up
in the beamline can be found in the Refs. [58,59]. The T5 heat-
treated (solid-solutioned at 538 °C for 12 h, and ageing at 160 °C
for 8 h) samples with a size of 40 mm x 2 mm x 0.8 mm were
used for the in situ tensile test. During in situ test, the sample was
positioned in perpendicular to the X-ray path. The constant strain
rate during the test was 5 x 10~4 s~1. The 34 diffraction patterns
were recorded by a 2D detector, for which the axial direction was
parallel to the tensile axis. The 2D diffraction patterns were anal-
ysed with the Fit2D software. The lattice strain can be obtained
from the peak shifts, as shown below [58,60]:

hkl hkl
d* —dg”
hkl
dO

Enl = (2)
where di¥ and d"™! are the stress-free and stress d-spacing for the
(hkl) plane, respectively.

The in situ synchrotron X-ray diffraction experiment during age-
ing treatment was used to study the early stage of precipitation of
6’. The heating setup used was the Linkam (UK) system with a
water-cooling system. The temperatures during ageing were cali-
brated using RbNO3; powders. The sample was heated from 29 °C
to 160 °C with a constant heating rate of 5 °C/min (23 diffraction
patterns, every minute take one pattern), then held at 160 °C for
4 h (15 diffraction patterns, every 15 min take one pattern).

3. Results
3.1. As-cast and heat-treated microstructures

Fig. 1 shows the typical SEM images for both as-cast and
heat-treated (solid-solution at 538 °C for 12 h + ageing at 160
°C for 8 h) alloys solidified without and with applied pressure.
As shown in Fig. 1(a) and (c), the eutectic intermetallic phases
changed from elongated morphologies to refined and separated
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Fig. 1. Intermetallic phases in: (a-d) as-cast state; (e-h) heat-treated state (solid-solution + ageing at 160 °C for 8 h); (a, b, e, f) 0 MPa during solidification; (c, d, g, h)
75 MPa during solidification; the EBSD maps and grain size distribution of the heat-treated alloys: (i) 0 MPa and (j) 75 MPa.

morphologies by applying pressure. The inserted image in Fig. 1(b))
shows that the grey Alg(FeMn) phases, plate-like B-Al;Cu,Fe (8-
Fe) phases and white Al,Cu phases coexist. It is also found that
the pores are mostly eliminated when the alloys are solidified
under pressure at 75 MPa. The 0 MPa as-cast alloys show sev-

229

eral intermetallic phases, «-Al5(FeMn)3;Cu, (o(MnFe)), 8-Al;Cu;Fe
(B-Fe), Alg(FeMn) and Al,Cu phases, as indicated by Fig. 1(b)
and (d). During solid-solution treatment, the Al,Cu phases are
dissolved into the Fe-rich phases and the Al matrix, Fig. 1(e)
and (g). Cu atoms diffuse into o(MnFe) and S-Fe (as-cast state)
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Heat-treated 0 MPa As-cast 75 MPa As-cast 0 MPa
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S pm

Fig. 2. Fe-rich intermetallic 3D morphology in: (a-d) as-cast state; (e-h) T5 heat-treated state; (a, b, e, f) 0 MPa; (c, d, g, h) 75 MPa.

and form the heat-treated B-Fe (Al;Cu,Fe). In the as-cast state,
the B-Fe phases are formed through the coupled eutectic re-
action: L—» B-Fe + AlL,Cu + Al In the heat-treated state, the
B-Fe phases are formed through the solid-state transformation
o(MnFe)/Alg(FeMn) + Al,Cu— B-Fe + Al The Fe-rich phases
are fragmented into spherical particles after heat treatment (see
Fig. 1(f) and (h)). The inserted OM image in Fig. 1(h) shows that
the grey B-Fe and purple Alg(FeMn) phases coexist in the heat-
treated alloys. Furthermore, the mean size of §-Fe in the alloy with
75 MPa applied pressure is slightly smaller than in those of the
alloy without applied pressure. The type of Fe-rich phases is ex-
amined by SEM-EDS, the results are listed in Table 1. The EBSD
images and the size distribution of the heat-treated alloys without
and with 75 MPa applied pressure are presented in Fig. 1(i) and
(j). The grain size for the two alloys investigated is 185+13 um
(0 MPa) and 114+11 pm (75 MPa), respectively. This indicates that
the application of pressure is beneficial to refine the grain size
of the studied alloys. The application of pressure reduces the air
gap between the solidifying metal and the metallic mould and
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Table 1
The alloy composition of intermetallic phases in the studied alloys
(at.%).
State  Phases Mn Fe Cu Si Al
As- o(MnFe) 2.2 509 6.3 0.8 Balance
cast B-Fe 1.3 45 135 - Balance
Alg(FeMn) 3.6 12.9 1.0 - Balance
Heat- f-Fe 1.8 6.0 156 - Balance
treated Alg(FeMn) 0.9 9.4 9.4 - Balance

thus increases the contact area; effecting improvement in the heat-
transfer coefficient, resulting in the increase of a higher cooling
rate.

Fig. 2 illustrates the 3D morphology of Fe-rich phases under
different conditions, revealed by removing the Al matrix, using
deep-etched methods. The Chinese-script o(MnFe) and plate-like
B-Fe presented in the as-cast samples are shown in Fig. 2(a)-(d).
These Fe-rich phases are formed at the late solidification stage
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Fig. 3. Effect of the applied pressure during solidification on the 3D morphology of Fe-rich phases: (a, b) as-cast Fe-rich phases and Al,Cu (c, d) heat-treated Fe-rich phases;

(e) pores in as-cast alloys.

through the coupled eutectic reaction [7]. It is found a reduc-
tion in the thickness of the B-Fe particles in the alloy with ap-
plied pressure during solidification (Fig. 2(b) and (d)). After the T5
heat treatment, the 3D morphology of Fe-rich phases in the alloys
undergo spheroidized; ie., they are composed of interconnected
small bumps and holes (see Fig. 2(e)-(h)). The deep-etched images,
Fig. 2(a)-(d), clearly show the rough surface of Fe-rich intermetal-
lic phases. This rough surface of the Fe-rich intermetallic is a clear
indication of a solid-state transformation as this phase shows a flat
surface in the as-cast state. The small holes correspond to the Al
spots dissolved by deep-etched, as shown in Fig. 2(g) and (h).

3.2. 3D morphology of Fe-rich phases and pores

The 3D morphology of Fe-rich phases and pores present in the
alloys under different solidification and heat treatment conditions
are shown in Fig. 3. It can be seen in Fig. 3(a, b) that some Fe-
rich particles are interconnected in 3D space (indicated by red
colour). The interconnection of particles cannot be distinguished in
the 2D metallographic observations. These interconnected particles
are formed through the coupled eutectic reaction at the late solidi-
fication stages. Moreover, it has been found that Fe-rich phases are
also developed in the interdendritic regions, Fig. 3(b). It is found
that the volume fraction of separated Fe-rich particles in the al-
loy with applied pressure, Fig. 3(b) is higher than those of the
alloys solidified without applied pressure, Fig. 3(a). Similarly, the
volume fraction of separated Fe-rich particles (Fig. 3(c) and (d)) is
also higher, this meaning that heat treatment can break the inter-
connectivity of Fe-rich particles during solid-state transformation.
Fig. 3(e, f) shows the 3D morphology of pores in the alloys. Two
large shrinkage pores (length range from 100 wm to 300 xm) and
small hydrogen pores are observed in Fig. 3(e). The shrinkage pores
are formed in the interdendritic regions, due to the lack of liquid
feeding; while gas pores are the results of hydrogen gas entrap-
ment during solidification due to the decreasement in solubility.
The size of the pores in the alloy solidified under 75 MPa applied
pressure is below the detection limit. So, we assume that the pores
in this alloy are eliminated.

Despite the relatively good pixel size (0.65 pum) of micro-
tomography, it is difficult to observe the 3D eutectic morphology
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(b)

Phase Area Volume Volume
(pm?) (pm®) | fraction (%)

Fe-rich phase-1 170.2 345.1 2.00
a-Al-1 1182.7  16947.2 98.00
Fe-rich phase-2 238.8 413.6 3.07
a-Al-2 1281.1  13036.7 96.93

Fig. 4. (a, c) 3D morphology and (b, d) mean curvature of Fe-rich phases in T5
heat-treated 75 MPa alloys reconstructed by nano-tomography; (e) statistical anal-
ysis.

of the Fe-rich phases in detail. Thus, a nano-tomography method
(pixel size about 100 nm) in 4W1A beamline in BRSF was used
to study the high-resolution morphology of the Fe-rich phases in
the heat-treated at 75 MPa alloy, Fig. 4. Fig. 4(a) indicates that
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Fig. 5. X-ray diffraction patterns of the 75 MPa alloy after quenched at different ageing temperatures of 120 °C (a) and 160 °C (b); DSC curve at different ageing temperatures
of 120 °C (c) and 160 °C (d); the Vickers hardness of the Al matrix at different ageing temperatures at 120 °C (e) and 160 °C (f).

the Fe-rich particles are composed of several small and intercon-
nected particles, which is consistent with the deep-etched images,
(Fig. 2(e)-(h)). The concave spatial structure is formed in the nar-
row space between interdentric regions. Also, high-resolution 3D
images, Fig. 4(a) and (c) and their mean curvatures, Fig. 4(b) and
(d) further confirm that the surface of Fe-rich phases changes from
flat in the as-cast state, to rough and separated after the T5 heat-
treatment. The area and volume fraction of the Fe-rich phase in T5
heat treatment two samples are 170.2 um? and 238.8 um?; 2.00%
and 3.07%, respectively.

3.3. Microstructural evolution during ageing treatment

The effect of the ageing treatments (described in Section 2.1)
on the microstructure of studied alloys has been studied. Fig. 5 il-
lustrates the microstructure evolution of the alloys with the heat
treatments described in Section 2.1 characterized by XRD, DSC, and
Vickers hardness. As shown in Fig. 5(a) and (b), the microstructure
of the studied alloys consists of «-Al, B-Fe and Alg(FeMn) phases
at different ageing temperatures. The o(MnFe) phases in the as-

cast state are completely converted into §-Fe in the heat-treated
alloy. This indicates that the ageing processes do not change the
composition of the main phases. Fig. 5(c) and (d) show the DSC
curves of the studied alloys with different ageing temperatures and
times. There are three main endothermic peaks in the alloys, which
correspond to the transformation of 6’/ to 6’ (near 300 °C), melt of
B-Fe (about 600 °C), and Al (approximately 660 °C). In addition, it
can be seen from Fig. 5(c) that there is a weak endothermic peak
at 150-200 °C related to the dissolution of GP zones. This means
that the formation of a GP zone needs a long ageing time at a tem-
perature of 120 °C. The Vickers hardness of the alloys with differ-
ent ageing temperatures and time are presented in Fig. 5(e) and
6(f). At ageing temperatures of 120 °C the hardness first increases
from 71+1 HV at 1 h to 10442 HV at 12 h and then decreases
to 98+2 HV at 24 h. At the ageing time of 160 °C, the hardness
increases from 7245 HV at 1 h to 111+1 HV at 24 h.

Fig. 6 shows the small angle neutron scattering (SANS) curves
for the studied alloys under different heat treatment times and
temperatures. As shown in Fig. 6(a) at 120 °C ageing temperature,
the I(Q) show a linear part at the low Q zone (contribution from
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Fig. 6. SANS curves of the studied alloys at different ageing times: (a) at 120 °C and (b) at 160 °C; (c) size distribution of the precipitates at 120 °C ageing temperature for

12 and 24 h.

the large intermetallic phases, precipitates and background) and a
curved part at the high Q zone (contribution from fine precipi-
tates). As the ageing time increases from 1 h to 24 h at 120 °C, I(Q)
increases in the high Q zone indicating an increase in the volume
fraction of fine precipitates. Fig. 6(c) shows the corresponding size
distribution of the precipitates in the samples after 12 and 24 h at
120 °C. The equivalent diameter and volume fraction of precipitates
vary from 7.8 nm and 0.3% at 12 h to 9.9 nm and 0.63% at 24 h.
As shown in Fig. 6(b), the profiles of samples subjected to ageing
at 160 °C for different times, has a straight line, indicating that the
fine precipitates population continually grows. Due to the size of
precipitates exceeding the CSNS measurement range, the size and
volume fraction of precipitates at 160 °C are not considered in this
work.

Fig. 7 shows the precipitates present in the Al-Cu-Mn-Fe-Sc-
Zr alloys subjected to different ageing treatments. As shown in
Fig. 7(a)-(h), the rod-like Al,oCu,Mns3 (T) phases are randomly dis-
tributed in the Al matrix. The size of T phases is relatively sta-
ble at low ageing temperatures. A higher number density of pre-
cipitates is found in the vicinity of T phases with longer ageing
times, as shown in Fig. 7(f)-(h). Thus, high magnification of TEM
micrographs shows the distribution and evolution of fine precipi-
tates, as shown in Fig. 7(i)-(p). The selected area diffraction pat-
terns (SADPs) view along [011] or [011] or [110] zone axis of Al
matrix is shown in Fig. 7. The high-resolution TEM (HRTEM) im-
ages of the precipitates (GP zones, 6”7 and 6’ phases) are shown
in the inserted images of Fig. 7(i)-(p). At 120 °C and 160 °C, the
length of the precipitates gradually increases with ageing time,
this phenomenon is especially noticeable at 160 °C-12 h and 24 h,
Fig. 7(0)-(p). The 6’ phases are usually nucleated in the Al3(ScZr)
precipitates (see Fig. 7(0)-(p)). TEM dark field micrographs were
used to characterize the Al3(ScZr) precipitates in the alloys dur-
ing homogenous heating. A large number of round and fine pre-
cipitates are distributed in the Al matrix. The SADPs view along
[110] zone axis of Als(ScZr) precipitates, Fig. 8. Some of them are
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randomly distributed in Al matrix (Fig. 8(a), (c)—(e)), while oth-
ers form a long necklace composed of several fine precipitates
(Fig. 8(b), (f)-(h)). It is very usual to find grain boundaries dec-
orated by Al3(ScZr) precipitates forming a necklace chain both at
120 °C and 160 °C, due to the grain boundary pipe diffusion [69].

The size and aspect ratio of GP zones, 6/, and 6’ precipitates
with different ageing times and temperatures are summarized in
Fig. 9. It can be seen from Fig. 9(a) that the length and width of GP
zones, 0/, and 6’ precipitates at 120 °C increased from 0.9 nm and
0.4 nm to 3 nm and 13 nm, respectively. The size of 8’ precipitates
at the ageing temperature of 160 °C at 24 h grows into a large size
(about 75 nm in length). Also, their aspect ratio increases with the
ageing time (Fig. 9(b)).

3.4. Lattice strains during tensile test studied by synchrotron X-ray

The evolution of Ilattice strain in different crystallographic
planes of different phases is helpful to understand the deformation
mechanism. In situ synchrotron X-ray diffraction was used during
the tensile test of 75 MPa alloy, to describe the influence of the mi-
crostructure in the deformation behaviour of the alloy in T5 condi-
tion (solid-solution at 538 °C for 12 h + ageing at 160 °C for 8 h)
was used for the tensile test. Fig. 10(a) shows the 3D diffraction
pattern in the strain range between 0 and 22.4%, in which «-Al
(ICSD #43,423), B-Fe (ICSD #57,667), Alg(FeMn) (ICSD #150,550),
and 0’ (ICSD #151,384) peaks are identified. Due to the relatively
low intensity of fine precipitate peaks in the studied alloy, the lat-
tice strains were not analysed. Fig. 10(b)-(e) shows the evolution
of 2D diffraction spectra with engineering strain of (111) and (022)
planes in «-Al, (004) and (222) planes in B-Fe, (112) planes in
Alg(FeMn) and (010) in 6”. Fig. 11(a) shows the lattice strain vs
engineering strains of (111) and (022) planes in «-Al and (004),
(103), (214), (139), and (222) planes in B-Fe along the axial direc-
tion. Fig. 11(b) shows the evolution of the FWHM vs. engineering
strains of B-Fe and a-Al. These planes have been selected for the
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Fig. 7. TEM bright field micrographs, inserting HRTEM images and SADPs of 75 MPa alloys, showing T, GP zones, 6’’ and 0’ phases, and Al;(ScZr) precipitates: (

a, i) 120 °C

1 h; (b, j) 120 °C 4 h; (c, k) 120 °C 12 h; (d, 1) 120 °C 24 h; (e, m) 160 °C 1 h; (f, n) 160 °C 4 h; (g, 0) 160 °C 12 h; (h, p) 160 °C 24 h; (a-h) low magnification; (i-p) high

magnification.

analysis because they show enough intensity and do not overlap
with other phases. A Gaussian fitting was used for the analysis of
the diffraction peaks. The lattice strain in the axial direction of the
sample is obtained from Eq. (3). Since no dy is available, it is as-
sumed that its initial value is the di at 0% strain. As shown in
Fig. 11(a), at stage 1 (below 8% strain), the lattice strain linearly
increases both for B-Fe and aluminium matrix. At stage 2, the lat-
tice strain remains stable with increasing engineering strain in §-
Fe (222) and B-Fe (004); while slightly decreases in S-Fe (214) and
B-Fe (103) plane. The grains (111) and (022) of the Al matrix main-
tain a linear behaviour up to about 8% and 12% deformation, re-
spectively. From that point, a steady state is reached. The different
lattice strains obtained for every grain family, Fig. 11(b), can be ex-
plained by their elastic modulus and the presence of type II resid-
ual stresses [70]. Then the curvature in the lattice stain reflects the
plastic behaviour of the matrix. However, the B-Fe phase shows
no evolution of the lattice strain despite the increase in the en-
gineering stress during the tensile test. At the near-fracture stage,
the strain gradually concentrates which generates sample necking
and final fracture around 22% of engineering strain (Fig. 11(a)).
Fig. 11(c) shows the room temperature tensile behaviour of the so-
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lidified alloy with an applied stress of 75 MPa heat-treated alloy.
The yield strength of the alloy is 125 MPa. In the plastic regime, a
hardening of about 80 MPa occurs and a total deformation of 22.4%
(plastic deformation of 16%) is reached.

3.5. Damage evolution during tensile test studied by quasi-in situ
synchrotron X-ray tomography

The evolution of volume rendered pores and cracks in 0 MPa
alloys during the tensile test at 0, 100, 120, 150, and 185 N are
shown in Fig. 12. Before the tensile test, Fig. 12(a), shrinkage pores
(around 1 mm) and fine hydrogen pores (approximately 10 pm)
are homogeneously distributed in the alloy. These pores are formed
directly during melt solidification [47]. As shown in Fig. 12(ay)-
(as), shrinkage pores are preferential sites for crack propagation
(as shown by the red dashed line in Fig. 12(a4)). The evolution of
the mean curvature of pores with strain is shown in Fig. 12(a) and
they are not significantly different. The mean curvature of shrink-
age pores is 0; i.e., flat, and it is maintained constant with strain
Fig. 12(a). The evolution of enlarged irregular hydrogen pores is
shown in Fig. 12(b) and (c). It can be concluded that despite these
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Fig. 8. TEM dark field micrographs, inserting HRTEM images and SADPs of 75 MPa alloys showing Als(ScZr) precipitates: (a) 120 °C 1 h; (b) 120 °C 4 h; (c) 120 °C 12 h; (d)

120 °C 24 h; (e) 160 °C 1 h; (f) 160 °C 4 h; (g) 160 °C 12 h; (h) 160 °C 24 h.
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Fig. 9. Size and aspect ratio of the precipitates shown in Figs. 7 and 8: (a, b) GP zones, #”" and 6’ precipitates.

hydrogen pores expand during the tensile test, they do not con-
tribute to the final failure due to their small size (in comparison
to the shrinkage ones). The fracture surfaces of in situ sample are
used to further understand the fracture process (Fig. 13). It can
be seen that despite the high ductility of the alloy, the shrinkage
pores and tear ridges are present in the fracture surface (Fig. 13(a)).
As indicated by the 3D fracture surface (Fig. 13(b)), pores and
cracks exist on the surface. The fractography in Fig. 13(c) and (d)
shows the presence of dimples and a tear ridge, which indicates a
small quantity of quasi-cleavage fracture.

4. Discussion
4.1. Solidification behaviour

The Al-Cu-Mn-Fe-Sc-Zr alloy is a typical coupled eutectic alloy
according to Refs. [10,11]. The possible solidification sequence of
the alloy is: (1) L—Al3(ScZr); (2) L—Al3(ScZr) + a-Al; (3) L-a-
Al+ Alg(MnFe); (4) L+ Alg(MnFe)— «-Al+ a(MnFe); (5) L— «-
Al+ Al,Cu+ B-Fe. Thus, Chinese-script «(MnFe) phases are formed
through the peritectic reaction, Fig. 2(a) and (c); while B-Fe phases
are formed through the coupled eutectic reaction, Fig. 2(b) and
(d). The size of the Fe-rich phases is smaller than in conventional
alloys. This refinement of the Fe-rich phases is due to the high
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cooling rate obtained by the applied pressure. The application of
pressure reduces the air gap between the solidifying metal and
the metallic mould and thus increases the contact area; effecting
improvement in the heat-transfer coefficient, resulting in the in-
crease of a higher cooling rate [13]. Apart from that, the Sc-rich
phase has been located at the centre of Fe-rich phases, which in-
dicates that Sc atoms are pushed into solute-rich interdendritic re-
gions [71] due to their high thermal stability. Hence, they serve as
heterogeneous nucleation sites for o(MnFe).

4.2. Precipitation kinetics

The fine precipitates are forming from the supersaturated Al
matrix during the ageing process. As shown in the TEM images
(Figs. 7 and 8) and their size statistics, the sizes of T phase and
Al3(ScZr) precipitates are relatively stable due to their thermal sta-
bility at ageing temperatures of 120 and 160 °C. Hence, only the 6"
or 0’ coarsening kinetics during ageing is studied in the present
work. The precipitation kinetics of 6’ or 6’ precipitates in Al-
Cu-Mn-Fe-Sc-Zr alloys can be described by the Liftshitz-Slyozov-
Wagner (LSW) theory [72,73] for spherical precipitates. A general-
ization of this model for elliptical particles has been recently de-
veloped by Ref. [74]. In this general case:

di —di =K-(t; - tp) 3)



Y. Zhao, D. Song, S. Wu et al.

Journal of Materials Science & Technology 158 (2023) 226-241

103 a
(a) | 8 ‘
: = 200
~
[ { a 180
Er { :"\_ES 160
o { e ;}_I‘(f@ A 140
3 { S- ~ ns =z I 9 120
<3 == Q acgd = 8 S 100
102 e = S== < o~ C ==
<2 B Qe _ClEgs & ~ &7 80
s = =Ll a 2 G
= | 3525 8 qoBlE T 3358 o
~— [—) v -’ <@ <
| (=) = - 40
= | SE &S & SIIEEEE| 7L g gEEn o
s 3 54 o7 B dah S Aot
- | < 2 7 EE IR & = =
{ ck < i )
1 g
| 3
22.4% ‘ S
2 ! 2
-
-
. ~
= \
0 |
5 10 15 20 25 30
20 ()
Intensity Intensity
(b) L 60.00 (c) (] 230.0

56.63

5325

49.88

46.50

Test

43.13
39.75
36.38

33.00

10.6 10.7 10.8

16.9 17.0 17.1 17.2

26(%)

205.0
180.0
155.0
130.0
105.0
80.00
55.00

30.00

18.4 18.6 18.7

Intensity
bt~ 950.0

831.3
7125
593.8
475.0
- 356.3
2375
118.8

0.000

279

27.8 28.0

20(°)

27.6 277

Fig. 10. (a) In situ synchrotron X-ray diffraction patterns of 75 MPa alloys during tensile test; (b-e) enlarged view of the selected areas about the peak evolution of «-Al,

and f-Fe with engineering strain.

where d; and d, are the average precipitates diameter (length in
the TEM images) at the times t; and t,, respectively; n is a param-
eter related to the geometry of the precipitates 1< n < 3 and K is
the rate constant that depends on the temperature in the Arrhe-
nius relationship. The rate constant K is related to the activation
energy Q, depending on the temperature in an Arrhenius, and it
[72] can be written as:

K -Q

ﬁe"P(ﬁ)
where k is a constant, R is the gas constant (8.314 J/(mol K)), T is
the absolute ageing temperature and Q is the activation energy for

K= (4)
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6’ precipitate growth. Hence, the calculation of Q can be obtained
using the following equation [72]:
In(K - Ty) = ln% _Q. 1n(RlTa) (5)

The plot of RIn(K -T,) vs. 1000/T, gives a straight line whose
slope gives the coarsening Fig. 14.

According to Eq. (2), d versus t has been plotted in Fig. 14(a).
It is clearly seen a good linear fitting, with an exponent close to
1.6, for precipitation evolution at 120 °C and 160 °C, revealing that
the LSW coarsening model is the dominant coarsening mechanism
in 0’ precipitates at 120 °C to 160 °C for the studied alloys. The
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Fig. 12. In situ synchrotron X-ray tomography during the tensile test: (a) 3D morphology and mean curvature of pores; (b, c) the development of pores.

coarsening rate constant K can be calculated from the slope of the
plot of d versus t. The values for 120 °C to 160 °C are 2.9 x 10~12
m'8/s and 3.9 x 1011 m'5/s, respectively. This indicates that the
diffusion rate of Cu atoms is around 13 times higher at 160 °C than
that at 120 °C. This explains the difficulty to form 6’ precipitates
at 160 °C as it is shown by TEM and SANS results (Figs. 6 and 7).
This is also in agreement with the SANS measurement. A coars-
ening activation energy Q of 91.9 kJ/mol has been calculated from
the plot of RIn(K - Ty) versus 1000/T,, Fig. 14(b). This high energy
in comparison to the typical of Al-Cu binary alloys (80.2 kJ/mol) is
due to the presence of Sc and Zr in the vicinity of 6’ precipitates,
inhibiting the diffusion of Cu atoms [16-18]. This high coarsening
activation energy justifies the stability of 6’ precipitates which im-
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proves the mechanical resistance of the alloy. As the TEM images
(Fig. 7) and alloy hardness, Fig. 5(e) and (f) shows the size of 6’
precipitates at 120 °C slightly increase with ageing time. The size
of 6’ precipitates at the ageing temperature of 160 °C and gradu-
ally grows into a large size (about 75 nm in length at 24 h). Hence,
the metastable and fine 8’ evolve into large and stable 6, reducing
the number of precipitates in the Al matrix that can bear the load.
Hardness is almost constant at 160 °C. To obtain high mechanical
properties, a two-stage ageing process and ageing time below 12 h
are required at 160 °C.

In situ synchrotron X-ray diffraction was used to study the pre-
cipitation process during the ageing treatment of the 75 MPa alloy,
the results are plotted in Fig. 15. The detailed process is: (i) heat-
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Fig. 13. Fracture surface of the in situ tomography studied sample: (a) SEM images; (b) 3D reconstructed fracture surface; (c-e) the enlarged SEM images of the fracture

surface in (a); (f) Fe element distribution on the surface (e).
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Fig. 14. Plotting of (a) d versus t; (b) RIn(K - T,) vs. 1000/T, of 6’ at ageing temperatures of 120 and 160 °C. n and K values obtained fitting are shown in Fig. 14(a).

ing from 28 °C to 160 °C with a constant heating rate of 5 °C/min;
(ii) holding at an ageing temperature of 160 °C for 4 h. The 2D
diffraction pattern, Fig. 15(a) shows the presence of «-Al and S-
Fe before the ageing treatment. It is interesting to note that the
patterns shift to the left side during the heating stage, while their
patterns at the same 26 location undergo a sharp decrease (or in-
crease in some planes) in intensity when the 160 °C ageing tem-
perature is reached. The peak shift to the left side in Fig. 15(b)-

(f) is related to the combined effect of thermal expansion of the
Al crystal lattice due to the heating process [75] and the lattice
emptying of Cu atoms in solid solution [76]. The intensity of Al
(022), (111) patterns decrease due to the formation of 6’ and 6’
precipitates. These precipitate strains and locally tilt the matrix.
The tilted regions move away, (022), or approach, (111), the Bragg
condition modifying the intensity of these grain families. Moreover,
the supersaturated Cu atoms in the «-Al gradually precipitate dur-
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ing ageing, and the 6’ precipitate and «-Al have a semi-coherent
orientation relationship [36]. For example, the (001),y- plane is par-
allel to (001),,. The peak of 8’ precipitates can be detected by
the diffraction methods [77]. Thus, the diffraction pattern of 6
precipitates was clearly observed in the alloy during 4 h ageing
(Fig. 15(b)). Also, the intensity of 6" precipitates increases with
prolong ageing time.

4.3. Mechanical behaviour

The correlation between the different phases of the alloy and
the mechanical properties can be determined from the lattice
strain of individual crystallographic lattice planes during tensile
test using in situ synchrotron X-ray diffraction. Al-Cu-Mn-Fe-Sc-
Zr alloy in T5 heat-treated state under 75 MPa has mechanical
strength similar to that of commercial Al alloys [78-80] and shows
a slightly lower mechanical strength than commercial Al alloys and
similar to Al-Cu alloys modified with 0.1% Sc [19]. The main rea-
sons explaining the modest mechanical strength of the studied al-

loy are its large grain size, Fig. 1 and the location of the necklace-
shape Als(Sc, Zr) precipitates in the grain boundaries, Fig. 8. Apart
from that, the influence of the high Fe content and Sc and Zr mod-
ifiers shows little effect on the size and distribution of 6” and
0’ precipitates. However, the studied alloy shows a slightly higher
ductility (22.4%) than commercial, low Fe content alloys. This last
aspect is especially noteworthy considering the high content of Fe-
rich phases present in the alloy. The deformation of 22.4% is practi-
cally double that achieved by similar alloys, with 0.3% Fe, in the T4
state solidified in a conventional 0 MPa [68]. The ductility of Al-Cu
family alloys, such as AA206, is strongly dependant on heat treat-
ment and can be reduced by up to 2% with T7 treatment [80]. In
the present case, this high ductility is achieved thanks to the com-
bination of several microstructural features of the alloy, mainly re-
lated to the complex and slender geometry of the Fe-rich phases,
Fig. 4. The geometrical complexity is shown because other B-Fe
planes present a tension behaviour during the whole test, like the
(214) and others are totally relaxed like the (139), Fig. 11(a). As
the strain increases in the tensile test, part of the applied stress
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is transferred to the S-Fe particles. As it is reported in the liter-
ature in relation to the mechanical behaviour of composite mate-
rials, the B-Fe should bear a higher load during the tensile test
than the Al-matrix due to the load transference related to its high
Young’s modulus, around 170 GPa [81,82]. Then the load transfers
from «-Al to B-Fe and results in the breakage of the Fe-rich inter-
phase with the aluminium matrix because of the high local stress
generated during the tensile test. The fracture of the B-Fe inter-
phase saturates around 8% of strain, Fig. 11(a). This breakage phe-
nomenon was observed in our previous study [47] and it corre-
sponds to a flat or negative evolution of the FWHM of the B-Fe
phase during the tensile test (Fig. 11(b)). In the Al matrix a de-
crease of the FWHM is also observed up to 8% strain, Fig. 11(b)
associated to the relaxation process produced by such breakage of
the Fe-rich/Al matrix interface. Despite this B-Fe and interphase
failure, the matrix hardening associated to the interaction amongst
dislocations and with precipitates provides a net hardening in the
stress-strain curve (Fig. 11(c)). This hardening is also reflected with
an increase in the FWHM of the matrix from 8% (Fig. 11(c)).

The Al matrix of the Al-Cu-Mn-Fe-Sc-Zr alloy shows a linear
evolution of the lattice strain up to values considerably higher
than yield stress (Fig 11(a)). In (220) grains this behaviour is main-
tained up to 8% engineering strain and in (111) grains up to 12%.
The existence of the linear behaviour up to such high strain val-
ues contrasts with that usually found in other aluminium alloys
with the presence of second phases [58]. Moreover, in the (200)
and (220) grain families the micro-strain (type III) saturates around
12%. However, in the (111) grains the strain (type III) grows contin-
uously up to 17% (exceeding its lattice strain at (220)) and starts to
fall. Therefore, the (111) grains reach a higher microstrain which is
associated with a denser dislocation structure. This behaviour has
been previously found in aluminium alloys deformed at high tem-
peratures [83]. The «-Al starts to yield and the strain accumulates
during the tensile test and the proliferation and annihilation of dis-
locations happen at the same time. However, the lattice strains of
B-Fe remain stable. This may be because the brittle S-Fe particles
are already fragmented at 6% engineering strain. Finally, at stage 3,
the dislocation proliferation is smaller than the dislocation annihi-
lation. when the engineering strains are £>20.5%, the lattice strain
of w-Al and B-Fe suddenly drops to nearly zero. As shown in the in
situ tomography results (Fig. 11), the large volume fraction of inter-
connected shrinkage pores dominates the 0 MPa sample breakage.
In the 75 MPa sample, the Fe-rich particles dominate the fracture
sample. In the present case, their complex shape distributes the
damage very homogeneously across the sample explaining its high
ductility, Fig. 11(g).

5. Conclusions

In the present study, the solidification, precipitation, and de-
formation behaviour in Al-Cu-Mn-Fe-Sc-Zr alloys were comprehen-
sively studied by SEM, DSC, XRD, TEM, nanoindentation, nano-scale
and micro-scale SRXCT, SANS, and in situ SRXD methods. The main
results are summarized as follows:

(1) The applied pressure during solidification is helpful to refine
the size of Chinese-script o(MnFe)and plate-like S-Fe phases.
Pores are eliminated by 75 MPa applied pressure during the so-
lidification of the alloy.

(2) The Fe-rich phases in the as-cast state present a complex 3D
morphology of interconnected structures. The interconnectivity
is greatly reduced after T5 heat treatment. The spherical bumps
and holes in the interdendritic region have been visualized by
high-resolution SRXCT.

(3) The size of 6’ precipitates increases with increasing ageing time
and temperature, while the size of T and Al3(ScZr) phases are
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relatively stable. The precipitates coarsening activation energy

of 91.9 kJ/mol is due to the presence of Sc and Zr in the alloy.

Precipitates diffraction peaks shift to the left side due to the

thermal expansion of the Al crystal lattice during heating and

the reduction of supersaturated Cu atoms in the «-Al due to
the formation of the coherent 6’ precipitate in «-Al.

At stage 1 (below 8% engineering strain), the lattice strain lin-

early increases both for B-Fe and aluminium matrix. At stage

2, the lattice strain remains stable with increasing engineering

strain in B-Fe (222) and B-Fe (004); while slightly decreases

in B-Fe (214) and B-Fe (103) plane. The elastic modulus mis-
match between «-Al and S-Fe is the main reason for the stress
concentration and the S-Fe fracture.

(5) The complex shape and the loss of interconnectivity of the Fe-
rich particles due to the T5 heat treatment homogenize the
damage accumulation. This explains the high ductility of the
modified Al-Cu alloy despite its high Fe content.
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