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Abstract

High-strength Al-Zn-Mg-Cu alloys are widely applied in the aerospace and auto-
motive industries due to their significant strength-to-weight benefits. These alloys
achieve their exceptional strength primarily through precipitation, and the develop-
ment of these strengthening precipitates can be impacted significantly by deforma-
tion. In this study, the dynamic interaction between deformation and precipitation
was investigated in a commercial AA7075 under various conditions.

To study the deformation effect in a supersaturated microstructure, a dilatome-
ter was used to perform directly quenching from the solution treatment temperature
at 480◦C to a warm temperature at 180◦C, immediately followed by uni-axial defor-
mation. Small angle X-ray scattering revealed the presence of clusters only 5 s after
quenching, and the subsequent evolution of the microstructure involved the growth
and coarsening of these clusters. Transmission electron microscopy demonstrated
the precipitates were homogeneously distributed in the matrix with and without
deformation. Deformation was found to strongly enhance the growth rate of these
clusters/precipitates, which increased linearly with increasing strain, and was faster
at higher strain rates for the same strain level. Neither SAXS nor TEM evidenced
an enhancement effect of warm deformation on precipitate nucleation.

To design a pre-aged microstructure that could be potentially applied to the
automotive industry, the evolution of precipitates during the pre-ageing, natural
ageing, and paint bake process was investigated using SAXS, TEM and isothermal
calorimetry. The results showed that 8 hours of pre-ageing at 80◦C can produce a
stable microstructure, which further allows 94% of the T6 hardness after a short
paint bake process. This pre-ageing strategy was found to be capable of retaining
sufficient work hardening response at room temperature. Therefore, it is of inter-
est to explore the possibility of coupling deformation and precipitation to achieve
enhanced strength. The results showed that uni-axial deformation to 10% strain
enabled significant work hardening and resulted in strengths greater than those ob-
tained with a T6 heat treatment but with a sacrifice in further strain to failure.
Post-ageing at 120◦C was found to be effective in partially recovering dislocations
and promoting precipitation strengthening.

Finally, for this pre-aged microstructure, the effect of warm deformation on pre-
cipitation was in-situ investigated using high energy synchrotron small angle X-ray
scattering. The results showed that the precipitate growth rate increased linearly
with the applied strain at low plastic strains, but at high plastic strains, the relation
deviated slightly from linearity. Temperature and strain rate were also found to have
an impact on the enhancement effect of deformation on precipitate growth rate, with
a stronger effect at low temperatures and high strain rates for a given strain. Af-
ter plastic straining, the deformation enhancement effect quickly diminishes within
400 s for the studied conditions.

For all investigations in this study, when deformation was applied concurrently
with deformation at warm temperature, the deformation enhancement effect is con-
sistent with the idea of plastic strain induced excess vacancy enhancing the solute
diffusion rate. The acceleration effect of prior deformation on the growth of precip-
itation during post-ageing is consistent with the effect of dislocations acting as the
fast diffusion paths.
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Chapter 1

Introduction

Aluminium, as the most abundant metal on the Earth comprising over 8% of the

crust, has a long and successful history since the 18th century [1, 2, 3]. Successful

attempts of alloying aluminium with other elements to increase its strength were

reported in the early 20th century [4]. The discovery of precipitation strengthening

in Al-Cu alloys by Alfred Wilm marked the beginning of exploring high-strength

aluminium alloys, particularly for aerospace industry [4, 5]. Other precipitation-

hardenable aluminium alloys, such as Al-Zn-Mg (7xxx) and Al-Mg-Si (6xxx), were

then developed successively.

Figure 1.1: The average aluminium content (kg) per vehicle in 2019 and 2025 (pre-
dicted). A-Basic, B-Sub-compact, C-compact, D-Midsize and E-Large. [6]

The application of aluminium alloys in the automotive industry has grown sig-

nificantly in the past decade, which is mainly driven by the goal of reducing the
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greenhouse gas (CO2) emission [7]. The fuel consumption during driving is found to

be the primary part of the energy consumption during the life-cycle of an automobile

[8, 9]. Weight reduction is seen as one of the strategies to tackle this problem. Stud-

ies found an estimated weight reduction of 40 to 60% can be expected by replacing

mild steels with aluminium alloys [9, 10, 11, 12]. Many automobile manufacturers

have started this transformation. According to the survey from DuckerFrontier, un-

til 2019, the average aluminium content in a European car has increased to 179kg

from 62kg in 1990. It is further forcasted a continuous growth to 198kg by 2025,

as shown in figure 1.1 [6]. Currently, 6xxx and 5xxx are the main aluminium alloys

in the automotive industry primarily due to the combination of medium strength,

sufficient formability and good corrosion resistance [9, 10, 11]. For example, 6016

and 6014 sheet with thickness in 1∼1.2mm is preferred on outer panel production

[10, 13]. High magnesium 5xxx aluminium alloys sheets (eg.5182) are used on body

inner panels[10, 13, 14].

Figure 1.2: The electric vehicle production (units) in Europe from 2016. Data
between 2019 to 2025 were predicted values [6]

Although replacing steels with aluminium alloys can theoretically reduce the

weight of vehicles, the reality is that the mass of newly built vehicles in the US has

risen since 1990 with 12% on cars and 7% on SUVs [15], mainly due to the constantly

increased demands of high safety, performance and comfort from customers. In

addition to this, electric vehicles have gained significant attention in recent years

as being an essential strategy to decarbonize transport. As shown in figure 1.2,
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the compound annual growth rate of electric vehicle production in Europe has been

predicted as 33% between 2019 to 2025 [6]. Ultimately using sustainable electric

energy to replace fossil fuel is on many countries’ schedules. Even though battery

electric vehicles (BEVs) generally have significantly higher aluminium content than

the internal combustion engine vehicles (ICEs) [6], more weights are yet added

on electric vehicles to support the batteries, as shown in figure 1.3. Therefore,

developing and utilising ultra-high strength aluminium alloys is invigorated.

Figure 1.3: Weight difference between electric vehicles and their petrol equivalent
[15] (Copyright obtained from Springer Nature)

Recently, attention is brought to 7xxx aluminium alloys which possess the highest

strength among the aluminium family. It is, therefore, expected an optimised weight

reduction while maintaining the structural integrity. Despite the attractive benefits

of adopting 7xxx aluminium alloys into the automotive industry, the popularization

and application are limited by their low room temperature formability and poor

resistance to stress corrosion cracking (SCC) [9, 13]. Until now, the application of

7xxx aluminium alloys in automobiles is limited to safety-critical components such

as the bumper, pillars and beams where ultra-high strength and crush worthiness

are the major concerns [16, 17, 18].

Numerous studies reported the formability may be improved by tailoring the

initial temper condition further coupled with a specially designed forming pro-

cess. For example, the formability of peak aged (T6) AA7075 can be significantly

enhanced by forming at elevated temperatures [19, 20], however, with the conse-

quence of destroying the carefully designed precipitate distribution and sacrificing

the strength. Furthermore, a long post-form heat treatment may be required to
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recover the strength or even produce overaged T7 tempers to attenuate the SCC

susceptibility [21, 22, 23, 24, 25]. Distinctive to the peak aged condition, underaged

tempers may possess better formability at ambient temperature. With a carefully

designed pre-ageing heat treatment, the drawback of the unstable microstructure can

be improved, which is also helpful in extending the shelf life of the raw materials in

the automotive manufacturing [26, 27, 28, 29, 30]. To maximise the light-weighting

benefit, it is desired to utilise 7xxx aluminium alloys in their peak aged condition.

However, precipitation in 7xxx aluminium alloys at ambient/warm temperature is

a slow process [31]. Deformation is found to be effective on accelerating the pre-

cipitation kinetics [32, 33]. The dynamic effect and the underlying mechanism of

deformation-precipitation interaction is of interest to the present study.

The existing research on the interaction between deformation and precipitation

dynamics in aluminium alloys, particularly 7xxx series, has identified the significance

of strain-induced excess vacancies in enhancing precipitate growth [34, 35, 36, 37].

However, several key knowledge gaps remain. Firstly, while previous studies have

shown how deformation influences the growth of existing precipitates, there is a lack

of clarity regarding the nucleation of new particles during warm deformation, es-

pecially in highly supersaturated initial states. Additionally, the impact of various

deformation parameters, such as strains, strain rates, and temperatures, on va-

cancy production and annihilation needs further investigation. Previous research on

pre-aged microstructures during uniaxial tensile strains has shown strain-dependent

enhanced growth rates [34, 35, 36], where vacancy production dominates with little

effect from vacancy annihilation at vacancy sinks. However, the impact of vacancy

annihilation can become significant when dislocation spacing is smaller than vacancy

diffusion distance [38, 39]. Furthermore, most experimental investigations have fo-

cused on a single deformation temperature for a given microstructure [34, 35, 36, 38],

limiting the understanding of how temperature variations affect the overall vacancy

evolution and dynamic precipitation behaviour. Given that vacancy annihilation

is diffusion-controlled, temperature is anticipated to be crucial in governing overall

vacancy behaviour. Addressing these gaps would provide a more comprehensive

understanding of the complex interplay between deformation and precipitation in

these alloys.
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22 1.1. STRUCTURE AND OBJECTIVES

1.1 Structure and Objectives

This thesis seeks to fill the knowledge gaps in understanding the interaction between

deformation and precipitation in 7xxx aluminium alloys during various industrial

forming processes. Each result chapter presents results from exploring a distinct

condition relevant to an industrial operation to gain valuable insights. By investi-

gating the deformation-precipitation interactions under these diverse conditions, it is

possible to unlock the full potential of 7xxx aluminium alloys for broader industrial

applications.

This thesis begins with an overview of the potential opportunities and challenges

of 7xxx aluminium alloys. In Chapter 2, Section 2.1 provides a review of the appli-

cation of aluminium alloys in the automotive industry. Section 2.2 covers a review

of 7xxx aluminium alloys and the possible second-phase particles in this system.

Section 2.3 briefly reviews the ageing strategy of 7xxx aluminium alloys. Section

2.4 contains a review of the fundamental strengthening theories, with an emphasis

on precipitation strengthening. Section 2.5 provides a review of theories explaining

the possible interactions between deformation and precipitation.

Chapters 4 to 7 are presented in an alternative journal format, with the necessary

experimental details to repeat this work given in each chapter. To complement

these sections, Chapter 3 gives a brief description of the theory underlying each

experimental technique used in this study.

Chapter 4 focuses on investigating the immediate impact of warm stretching

on precipitation in supersaturated AA7075 (Al-Zn-Mg-Cu) alloys. This study is

particularly relevant to scenarios where warm forming follows directly after solution

heat treatment. One key objective of this study was to determine whether the

initial supersaturated state would result in a significant influence of deformation on

precipitate nucleation during warm deformation conditions.

Chapter 5 delves into developing a pre-ageing strategy that can stabilise the

natural ageing and promote a rapid precipitation response during a simulated paint

bake process. Unlike previous pre-ageing studies that primarily focused on opti-

mizing the final product strength, this study emphasizes establishing relationships

between pre-aged microstructure and final precipitate distribution in AA7075. This
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was achieved through an extensive characterization of precipitate evolution under

various pre-ageing conditions, coupled with a comprehensive examination of mi-

crostructural changes during a simulated paint bake cycle.

Chapter 6 is dedicated to exploring a novel strategy to achieve ultra-high strength

in the pre-aged AA7075 by synergistically combining working hardening and pre-

cipitation strengthening. Through the characterization of precipitate evolution and

changes in dislocation density, the study seeks to comprehensively understand the

individual contributions of each mechanism to the final strength and explain how

specific property combinations can be tailored to achieve desired strength levels.

This research has relevance to industrial forming operations, where pre-ageing and

post-ageing are commonly used before and after deformation to optimize material

properties.

Chapter 7 is devoted to investigating the instantaneous effect of warm deforma-

tion on precipitation in a pre-aged AA7075, which is highly relevant to industrial

warm forming operations. This chapter is seen as an increment to previous studies

that explored the influence of deformation-induced excess vacancies on solute diffu-

sion in Al-Zn-Mg-Cu alloys, by providing detailed examination of the annihilation

of vacancies and its specific influence on the growth rate of precipitates during and

after deformation at various temperatures.

The final chapter, Chapter 8, presents the main conclusions that can be drawn

from this thesis and provides possible directions for future work.

Bibliography

[1] J. Ashby, The aluminium legacy: the history of the metal and its role in archi-

tecture, Construction History 15 (1999) 79.

[2] J. W. Richards, Aluminium: its history, occurrence, properties, metallurgy and

applications, including its alloys, HC Baird & Company, 1890.

[3] G. Favero, P. Jobstraibizer, The distribution of aluminium in the earth: from

cosmogenesis to sial evolution, Coordination chemistry reviews 149 (1996) 367–

400.

23



24 BIBLIOGRAPHY

[4] J. Staley, History of wrought–aluminium–alloy development, Aluminium Alloys:

Contemporary Research and Applications, Treaties on Materials Science and

Technology 31 (2012) 3–31.

[5] E. Hornbogen, Hundred years of precipitation hardening, Journal of light metals

1 (2) (2001) 127–132.

[6] DuckerFrontier, Aluminium content in european passen-

ger cars, https://www.european-aluminium.eu/media/2802/

aluminum-content-in-european-cars_european-aluminium_

public-summary_101019-1.pdf, accessed: 2021–11-14 (2019).

[7] C. Springer, A. Hasanbeigi, Emerging energy efficiency and carbon dioxide

emissions-reduction technologies for industrial production of aluminum (2016).

[8] A. Jambor, M. Beyer, New cars—new materials, Materials & design 18 (4-6)

(1997) 203–209.

[9] R. A. Nolan, Microstructure Formability Relationships in New Generation High

Strength Aluminium Automotive Alloys, The University of Manchester (United

Kingdom), 2015.

[10] I. Fridlyander, V. Sister, O. Grushko, V. Berstenev, L. Sheveleva, L. Ivanova,

Aluminum alloys: promising materials in the automotive industry, Metal sci-

ence and heat treatment 44 (9) (2002) 365–370.

[11] J. Gould, Joining aluminum sheet in the automotive industry—a 30 year his-

tory, Welding Journal 91 (1) (2012) 23–34.

[12] A. Luo, Recent advances in light metals and manufacturing for automotive

applications, CIM Journal (2021) 1–9.

[13] J. Hirsch, Recent development in aluminium for automotive applications, Trans-

actions of Nonferrous Metals Society of China 24 (7) (2014) 1995–2002.

[14] H. Sun, J. Wang, G. Shen, P. Hu, Application of warm forming aluminum alloy

parts for automotive body based on impact, International Journal of Automo-

tive Technology 14 (4) (2013) 605–610.

24

https://www.european-aluminium.eu/media/2802/aluminum-content-in-european-cars_european-aluminium_public-summary_101019-1.pdf
https://www.european-aluminium.eu/media/2802/aluminum-content-in-european-cars_european-aluminium_public-summary_101019-1.pdf
https://www.european-aluminium.eu/media/2802/aluminum-content-in-european-cars_european-aluminium_public-summary_101019-1.pdf


BIBLIOGRAPHY 25

[15] B. Shaffer, M. Auffhammer, C. Samaras, Make electric vehicles lighter to max-

imize climate and safety benefits, Nature 598 (7880) (2021) 254–256.

[16] R. Long, E. Boettcher, D. Crawford, Current and future uses of aluminum in

the automotive industry, JOM 69 (12) (2017) 2635–2639.

[17] T. Grohmann, Forming of amag 7xxx series aluminium sheet alloys, Proceedings

of the New Developments in Sheet Metal Forming and New Developments in

Hydroforming, Fellbach, Germany (2016) 10–11.
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Chapter 2

Literature Review

2.1 Aluminium Alloys in Automotive Industry

The use of aluminium in the automotive industry, as shown in Figure 2.1, dates back

to the early 20th century [1, 2, 3]. Since then, driven by the increasing demands

for weight reduction, aluminium, along with other lightweight materials, has been

designed and developed to replace traditional steel and cast iron, as shown in Table

2.1 [1, 4].

Figure 2.1: The timeline of the application of Magnesium and Aluminium in auto-
mobile industry [3, 1]

Table 2.1: Weight reduction potentials by material substitution [1, 4]
Lightweight material Material replaced Mass reduction (%) Relative cost per part

Magnesium Steel, cast iron 60∼70 1.5∼2.5
Aluminium Steel, cast iron 40∼60 1.3∼2
Titanium Steel 40∼55 1.5∼10+

Aluminium metal composites Steel, cast iron 40∼60 1.5∼3+
Carbon fibre composites Steel 50∼60 2∼10+
Glass fibre composites Steel 25∼35 1∼1.5

Advanced high strength steel Mild steel 15∼25 1∼1.5
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Traditionally, components with complex shapes, such as engine blocks and chassis

parts, have been made by casting, which is still the predominant forming process,

contributing to more than 50% of the aluminium content in European vehicles [5].

However, extrusions and sheets are expected to gain market share from the casting

process. As shown in Figure 2.2, with the increasing popularity of electric vehicles,

battery boxes and body closures are expected to account for most of the growth in

aluminium content [5]. It should be noted that in this thesis, studies were conducted

only on sheets made from aluminium alloys.

Figure 2.2: Predicted aluminium gains and losses (kg) by component group [5]

The first application of aluminium sheets in automotive panels was the 2xxx

series (Al-Cu) in the EU and USA [6]. Due to their poor corrosion resistance and

paint bake response [7], they were soon replaced by the 6xxx (Al-Mg-Si) and 5xxx

(Al-Mg) series, which exhibit a good compromise between formability, strength,

and corrosion resistance [6]. However, higher strengths are becoming increasingly

important to facilitate the need for weight reduction. The implementation of 7xxx

(Al-Zn-Mg) aluminium alloys is not only attractive but imperative.

2.2 7xxx Aluminium Alloys

Soon after the discovery of precipitation strengthening in an Al-Cu system, Zn and

Mg were also found to have a high solubility in the aluminium matrix, which could

potentially provide the highest strength among all aluminium alloys [8]. Although
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early studies were conducted on the Al-Zn-Mg ternary system, the first well-known

7xxx aluminium alloy was based on the Al-Zn-Mg-Cu system. X74S (5.2% Zn, 2.1%

Mg, 1.5% Cu, and 0.4% Mn) originally made for the aerospace application showed

very high susceptibility to stress corrosion cracking (SCC)[8, 9]. This problem was

then attenuated by a small addition of Cr (0.2–0.35%). With a further modification

of the Zn, Mg and Cu content, 7075 was developed in 1943 and soon applied on

the B-29 Super Fortress bomber [8, 9]. In the 1960s, Cu-free 7xxx aluminium alloys

(Al-Zn-Mg) were developed and showed improved weldability and SCC resistance

but with a modest sacrifice on the strength [8, 9].

2.2.1 Role of Elements

• Zn and Mg are the main elements to form precipitates during ageing to pro-

vide high strength. A high Zn content and Zn/Mg ratio were used in de-

signing ultra-high strength 7xxx aluminium alloys but may suffer from high

quench sensitivity (e.g.7055). By reducing the Mg content while maintaining

a high Zn/Mg ratio, high strength and low quench sensitivity can be achieved

(e.g.7085)[10, 11].

• Early research found Cu elements improved the final strength. With the help of

modern technologies such as atom probe tomography and transmission electron

microscopy, it has been revealed Cu has an effect on joining the early-stage

precipitation of GP zones [12]. In the peak-aged condition, Cu atoms tend to

dissolve into the η′ phase by substituting Zn, Mg and Al atoms [13, 14]. Cu

enrichment on the broad face of η′ and η precipitates has also been reported in

an over-aged condition [15]. High content of Cu may lead to high quenching

sensitivity in Al-Zn-Mg-Cu systems [16].

• Apart from Zn, Mg and Cu, there are also other minor alloying elements in

7xxx alloys affecting the microstructure. A small amount of Ti or TiB2 was

added as the grain refiner during casting [17]. Mn, Zr and Sc may have effects

on controlling the grain structure and recrystallisation behaviour by forming

dispersoids (Al3Zr, Al3Sc and Al20Cu2Mn3) pinning the grain boundaries [18,

19, 20]. Cr may also be useful in improving the corrosion resistance but could
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result in high quench sensitivity [21]. In some cases, Ag is added in 7xxx

alloys. It is reported a small amount of Ag can stimulate the formation of fine

η′, which may be related to the high affinity of Ag to vacancies in aluminium

alloys [22, 23, 24].

• Si and Fe are considered impurities. Due to their low solubility, insoluble

constituents can be formed by consuming other elements. In 7xxx alloys,

Al3Fe, Al7Cu2Fe, Mg2Si, Al6FexMn1−x, Al12FexMn1−x Si can be commonly

found in the microstructure [25, 26]. Since they could result in poor mechanical

properties and corrosion resistance, it is expected to minimise their content in

designing 7xxx alloys.

2.2.2 Decomposition Processes

7xxx aluminlium alloys obtain their high strength mainly by forming nano-size pre-

cipitates in the matrix during heat treatments. In the absence of deformation, a

simple precipitation path can be summarised as [27] :

Super saturated solid solution (SSSS) −→ Guinier-Preston (GP) zones

−→ η′ −→ η.

It is also worthy of being mentioned that in real cases multiple metastable phases

could be found at a given time evolving towards their stable state [28]. Consequently,

the precipitation sequence can be more complicated than the one shown above.

2.2.3 Guinier-Preston (GP) Zones

Near room temperature, the formation of metastable precipitates is favoured kinet-

ically. In 7xxx aluminium alloys, the formation of GP zones facilitates the decom-

position of supersaturated solid solution. It is generally discussed two types of GP

zone can be found in 7xxx aluminium alloys. GP I zone has coherent layers of Zn

and Mg/Al atoms on {1 0 0} planes with spherical structures [29, 30]. They can

form from room temperature to around 140◦C [31]. Unlike GP I zone, GP II zones

are observed after quenching from 450◦C and then ageing above 70◦C [31]. Using

HRTEM, the crystal structure of GP II zones is observed to be a thin disc of a few
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atomic layers on {1 1 1} planes [31]. Figure 2.3 shows an HRTEM micrograph of

GPII zones in an Al-Zn-Mg alloy [31].

Figure 2.3: HRTEM micrograph of GPII zones in a Al-Zn-Mg alloy [31] (Copyright
obtained from Elsevier)

Early studies in Al-Zn-Mg systems show the formation of GP zones is related

to the interaction between solutes and vacancies (quenched-in vacancies and solute-

vacancy pairs) [27]. It is discussed quenched-in free vacancies are less important to

the formation of GP zones at room temperature since most of them are bounded

with Mg atoms [27]. Furthermore, it is still subject to debate whether the nuclei

of GP zones are Zn-rich or Mg-rich clusters. Recent studies using APT indicate

Mg-rich clusters were quickly formed during or after the quenching [12, 32]. The

formation kinetics is controlled by the motion of Mg atoms[27]. This agrees with

previous studies showing the activation energy of the formation of GP zones is close

to the magnesium migration energy (0.6eV) [33, 34].

Likely due to their extremely small size, it is difficult to accurately measure the

composition of GP zones. In the early studies of GP zones in Al-Zn-Mg systems,

Schmalzried and Gerold proposed a Zn/Mg ratio of 1:1 [35]. Later experimental

studies found the ratio may vary from 0.5 to 1.9, depending on the Zn/Mg ratio

of the alloy and also the temperature that GP zones formed at [30, 36]. In cases

where the Zn/Mg ratio of the alloys is between 0.5 to 2, Groma et al. using small

angle X-ray scattering (SAXS) show the Zn content in GP zones is around 40 at% at

room temperature [37]. However, large uncertainties remain. Firstly, SAXS is only

sensitive to Zn atoms due to their high electron density contrast to the Al matrix.

Secondly, an accurate calculation from SAXS data requires reliable atomic volumes

of GP zones, which is not readily available. Studies using ATP investigating the

32



2.2. 7XXX ALUMINIUM ALLOYS 33

composition of GP zones have found Zn/Mg ratio lower than 1 at the early clustering

stage (Mg-rich clusters). With the growth of them, the clusters gradually become

Zn-rich (Zn/Mg >1), which is likely due to the faster diffusion rate of Zn than Mg

[32, 38].

2.2.4 η′ Phase

Another important metastable phase in 7xxx alloys is η′, which is generally accepted

to be responsible for the high strength. Although numerous studies have been

reported on studying this metastable phase, until now, the crystal structure and

chemical stoichiometry are still controversial. It is generally agreed η′ precipitates

are plate-shape on {1 1 1} plane. The first discovery of η′ can be tract back to 1956

by Graf et al. who also subsequently proposed the hexagonal structure with a=0.496

nm and c=1.403 nm. This has been supported by later studies [39, 40, 41, 42]. Auld

and Cousland in 1974 found the crystal orientation of η′ as following [43]:

(0001)η′1||(111)Al; [1010]η′1||[110]Al

Wolverton in 2001 using the first principle total energy calculation elucidated the

feasibility of this crystal orientation having the lowest energy among different models

[44].

TEM observation of η′ further reveals additional three variants. A schematic of

four η′ variants and their crystal orientation relationships to the aluminium matrix

are shown in figure 2.4 [45].

(0001)η′2||(111)Al; [1010]η′2||[110]Al

(0001)η′3 ||(111)Al; [1010]η′3||[110]Al

(0001)η′4||(111)Al; [1010]η′4||[110]Al

Many attempts were made towards finding the chemical stoichiometry of η′. In

the early stage of the study, Auld and Cousland (1974) proposed Mg4Zn11Al [43].

This was opposed by Li et al. (1999) [42] using HRTEM suggesting the structure

model of Mg2Zn5−xAl2+x. This was further supported by the atom probe analysis
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Figure 2.4: The schematic of four η′ variants and their crystal orientation relation-
ship to the aluminium matrix [45] (Copyright obtained from Elsevier)

from Engdahl et al (2002) [46]. Nevertheless, these studies were based on the Al-

Zn-Mg system with the consideration of aluminium atoms substituting zinc atoms.

Indeed, Cu atoms can also substitute Zn. In Al-Zn-Mg-Cu systems, Brenner et

al. (1992) [13] successfully found Cu contained η′ precipitates using atom probe

analysis. Hence, they proposed the formula of Mg(AlZnCu)2. The segregation of

Cu atoms on the broad faces of η′ was also found by Cassell et al. (2020) using

HAADF-STEM [15]. In terms of the Zn/Mg ratio, the majority of studies reported

a value between 0.7 to 1.5 [13, 47, 48, 49]. The largest theoretical value of 2.5

proposed by Li et al. (1999) [42] was based on their structure model, which was

opposed by Wolverton (2001) [44].

The formation of η′ is also subject to further investigation. Different mechanisms

may be applied depending on the composition and the thermomechanical process. In

general, the discussion can be classified as either direct nucleation from the matrix

or transformation from the pre-existing metastable precipitates (such as GP zones).

• Small GP zones formed during the pre-ageing process can be expected to

act as the nuclei of η′. One advantage of this mechanism is the absence of

new nucleation of the η′ phase. Therefore, the kinetics of this transformation

is mainly considered towards the change of composition facilitated by the

diffusion of solutes. In 7xxx aluminium alloys, GP II zone is most likely to

follow this mechanism due to its similar crystal orientation to η′. Experiments

supporting this mechanism include the design of two-steps ageing when the

reversion of GP zones, consequently strength, was not observed in the second
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step of ageing. Instead, a much faster hardening response in the following

ageing process supports the theory of direct transformation of GP zones to

η′[50, 51, 52].

• η′ precipitates directly nucleate from the matrix is kinetically unfavoured at

room temperature [27]. The formation of GP zones has been found quickly

during or soon after the quenching [53]. In this mechanism, any pre-existing

metastable precipitates reduce the solute content in the matrix, which could

result in the nucleation of η′ being more difficult. Therefore, experiments

support this mechanism showing the reduction of mechanical strength at the

early stage of ageing, which indicates the reversion of GP zones releasing the

solutes back into the matrix[27, 54, 55, 56].

2.2.5 Other Metastable Phases

Depending on the composition and the precipitation temperature, other metastable

phases may exist in the system.

At ageing temperatures similar to η′, Liu et al. (2010) observed another metastable

strengthening phase denoted as ηp [57]. Using HRTEM, the crystal structure was

identified to be hexagonal with the lattice parameter a=0.496 nm and c=0.935 nm

[57]. Accordingly, they proposed the precipitation sequence of SSSS −→ GPηp

−→ ηp −→ η, coexisting with the sequence of SSSS −→ GPη′ −→ η′ −→ η [58, 59].

To date, ηp was only found in alloys with a high (Zn+Cu)/Mg ratio such as 7010,

7150 and 7055 [57, 58, 59].

Metastable semi-coherent S ′ phase is the precursor of the equilibrium incoherent

S phase. They are predominately found as the strengthening phases in 2xxx alu-

minium alloys (Al-Cu-Mg) [60, 61]. In some studies, the difference between S ′ and

S phases are not distinguished, since it is argued the difference is only about the co-

herency of the interface and the orientation with the aluminium matrix [62, 63, 64].

In Al-Zn-Mg-Cu systems with relatively high Cu content (7010, 7050 and 7175), it is

reported lath-shaped S ′ phase (Al2CuMg) with an orthorhombic structure can form

within grains during cooling from homogenization and/or solution heat treatment

temperatures [65, 66, 67, 68]. Since they are not the main hardening phases in 7xxx

aluminium alloys, forming relatively large precipitates during cooling consumes the
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available solutes, which is detrimental to the subsequent age-hardening response.

In some Al-Zn-Mg-Cu systems, T ′ phase may be formed during ageing treat-

ments, which can subsequently transform to the equilibrium T phase. It is reported

that T ′ has a body-centred cubic structure with a=1.435 nm [69]. The crystal ori-

entation is given by (100)T ′||(111)Al; (010)T ′ ||(112)Al [70]. The strengthening effect

of T ′ is found to be less than η′ phases [69]. Only in alloys with low Zn/Mg ratio,

T ′ and T may be considered as the strengthening phases [71].

2.2.6 Equilibrium Phases

In 7xxx aluminium alloys, depending on the composition and temperature, η, T

and S phases can often be found in the microstructure, which all have an incoherent

interface with the aluminium matrix [27, 72]. Since the high strength is considered

to be provided by the metastable η′, the presence of equilibrium phases coincides

with the over-ageing stage when the strength is lower than the maximum achievable.

Table 2.2: Crystallographic orientations of η in Al-Zn-Mg-(Cu) systems [27, 73, 74]
Variants Orientation relationships

η1 (0001)η||(110)Al; [1010]η||[001]Al

η2 (0001)η||(111)Al; [1010]η||[110]Al

η3 (0001)η||(111)Al; [1120]η||[110]Al

η4 (0001)η||(110)Al; [1210]η||[111]Al

η5 (3032)η||(110)Al; [1210]η||[111]Al

η6 (2021)η||(112)Al; [1210]η||[111]Al

η7 (1014)η||(110)Al; [1210]η||[111]Al

η8 (0001)η||(311)Al; [1210]η||[112]Al

η9 (0001)η||(110)Al; [1210]η||[001]Al

η10 (0001)η||(111)Al; [1120]η||[134]Al

η11 (0001)η||(110)Al; [1010]η||[111]Al

η phase is seen in most 7xxx alloys, which is well studied having the theoretical

chemical composition of MgZn2 and a hexagonal crystal structure (a=0.523 nm

c=0.857 nm) [73]. Since practically Al and Cu can substitute Zn, Mg(ZnAlCu)2

is recognised as the more accurate formula. Up to date, there are 11 different

crystallographic orientations observed for η phases, which are summarised in the

table 2.2. The shape of the η phase depends on its crystallographic orientation. In

general, they are observed as plates, rods or laths [27, 74]. Figure 2.5 shows a TEM

micrograph of η phases in an AA7050 sample [45].
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Figure 2.5: TEM micrograph shows precipitates in a AA7050 sample [45] (Copyright
obtained from Elsevier)

2.3 Ageing Strategy

The decomposition process in Al-Zn-Mg-Cu systems is facilitated by multi-step heat

treatments. The first step is the solution heat treatment during which pre-existing

precipitates are dissolved and solute atoms are redistributed. This process is typi-

cally performed at temperatures between 450◦C to 510◦C followed by rapid quench-

ing to suppress solute diffusion and precipitation [75]. A successful solute heat treat-

ment should maintain the alloy in the state of the super-saturated solid solution.

The final stage is the ageing process during which 7xxx aluminium alloys obtain

most of the strength by forming strengthening phase precipitates in the matrix. De-

pending on the temperature, an ageing practice can be classified into either natural

ageing which occurs at room temperature or artificial ageing which is performed in

a heating environment.

Designing proper ageing practices is important in controlling the microstructure

and material’s properties. This review is only focused on artificial ageing treatments.

2.3.1 One Step Ageing

Single-step ageing is the practice of performing the ageing treatment isothermally at

a constant temperature. The whole decomposition process is expected to take place

at this temperature. The most widely adopted single-step ageing is the peak ageing
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treatment (T6). For AA7075, this is performed at 120◦C for 24 hours. During this

process, the formation of GP zones, the transformation and growth of η′ from GP

zones and the direct nucleation and growth of η′ can all simultaneously occur in

the matrix. The final microstructure is usually observed with uniformed distributed

precipitates dominated by the η′ phase [76]. Although single-step T6 treatment

enables high strength of 7xxx aluminium alloys, studies have demonstrated T6 alloys

are susceptible to the stress corrosion cracking (SCC). The mechanism of SCC in the

Al-Zn-Mg-Cu system is a complex topic which is beyond the scope of this review. In

general, the SCC behaviour is affected by both chemical composition (Cu content,

Zn/Mg ratio) and temper condition (precipitation distribution) [77].

2.3.2 Two Steps Ageing

Conventional T7X practices are designed in two steps for Cu contained 7xxx alu-

minium alloys, aiming at attenuating the susceptibility to stress corrosion cracking

in saline environments. Typical ageing conditions for the AA7075 sheet (or plate)

are summarised in table 2.3.

Table 2.3: Conventional ageing conditions for AA7075 [26, 78]
Designation Ageing practice

T6 120◦C 24 hours
T76 107◦C 4 hours + 163◦C 16 hours
T73 107◦C 7 hours + 163◦C 27 hours

In the microstructure of T7X treated samples, small continuous precipitates

on the grain boundaries are replaced by coarsened discontinuous precipitates. The

small strengthening η′ precipitates in the matrix are also transformed into coarsened

η precipitates. Therefore, although T7X treatments increase the corrosion resistance

by suppressing the anodic dissolution channels and reducing the potential difference

between grain boundaries and the matrix, such benefits are at the expense of 10%

∼ 15% of the T6 strength. [26, 79].

Another research direction of designing two-step ageing is to save the total ageing

time. From table 2.3, it is clear that precipitation in the Al-Zn-Mg-Cu system is

a slow process, which is due to the slow diffusion of solute atoms. Although the

diffusion rate can be significantly accelerated by increasing the temperature, the
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direct formation of η phase and the coarsening effect of η′ phase coincide with

the over-ageing regime. The sacrifice of strength is undesirable. Two-step ageing

treatments are designed based on the idea of using low temperatures to promote

the nucleation of GP zones and fine η′ precipitates followed by using relatively

high temperatures to promote the growth of them [80]. Li et al. (2008) reported

∼500MPa 0.2% proof stress after ageing 7 hours at 115◦C and 3 hours at 160◦C

in a Al-Zn-Mg-Cu alloy [51]. Osterreicher et al. (2018) reported ∼510MPa 0.2%

proof stress after ageing 2 hours at 120◦C and 20 minutes at 185◦C for AA7075[51].

Similar strategies have also been studied in Al-Zn-Mg-Zr systems [80, 81].

2.3.3 Retrogression and Re-ageing

Most of the two-steps ageing treatments can not provide simultaneously high strength

and sufficient resistance to the stress corrosion cracking. Retrogression and re-ageing

(RRA) is designed for Al-Zn-Mg-Cu alloys to tackle this problem. Typically, RRA

consists of three stages. Alloys are first pre-aged at a low temperature for hours,

which promotes the precipitation of fine GP zones and η′ precipitates. Alloys are

then subjected to a retrogression treatment at a high temperature for minutes, dur-

ing which pre-existing GP zones and η′ precipitates are partially dissolved releasing

solutes back to the matrix. A low temperature re-ageing treatment is then applied

for hours to form new small GP zones and η′ precipitates. Those precipitates not

dissolved during the retrogression treatment can keep growing to larger size or even

transform to coarsened η precipitates. A schematic of RRA treatments for AA7075

is shown in figure 2.6[82].

A considerable amount of work has been done on tailoring the RRA practice and

investigating its effect on the final microstructure [83, 84, 85, 86, 87]. In terms of the

mechanical properties, adopting appropriate RRA time, temperature and heating

rate can enable T6 strength. TEM studies of the microstructure of RRA-treated

Al-Zn-Mg-Cu alloys suggest that the strengthening precipitates in the matrix have

size and distribution similar to the T6 temper [84]. Marlaud et al. (2010) studied

the precipitates in peak-aged and RRA-treated Al-Zn-Mg-Cu alloys using SAXS

and APT [85]. They found in the RRA-treated sample precipitates are richer in

Cu. Apart from the strengthening precipitates with the size smaller than 3nm, they
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Figure 2.6: A schematic of RRA treatments for AA7075 [82] (Copyright obtained
from Springer Nature)

also observed a dense distribution of small clusters in RRA samples. In terms of the

SCC resistance, it has been reported RRA treatments can result in T7X behaviour

[84, 86]. This is mainly rationalised by the discontinuous distribution of coarsened

η precipitates with higher Cu content on the grain boundaries, which suppress the

galvanic reaction and reduce the potential difference between the grain boundaries

and the matrix [88]. Despite the attractive properties of RRA-treated alloys, the

industrial application of this practice on alloys with large dimensions is still limited

by the short time of retrogression treatment [89].

2.4 Precipitation Strengthening

An uniform distribution of nano-sized precipitates in the aluminium matrix re-

stricts the movement of dislocations during plastic deformation, which consequently

strengthen the material. In Al-Zn-Mg-Cu alloys, it has been well-studied that the

ultra-high strength is mainly provided by η′ precipitates with size less than 5nm

and number density in the range of 1024 m−3 [90]. The strengthening mechanism

depends on the nature of the precipitate and how it interacts with the dislocation.

In this section, we will first review the concept of two basic mechanisms (precip-

itate shearing and bypassing), then the strengthening models commonly used for

spherical precipitates.
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2.4.1 Strengthening Mechanism

When a moving dislocation is stopped by precipitates, it will bow out under the

applied stress until the pinning precipitate can not sustain the stress. The maximum

force that a precipitate can sustain (Fm), which is estimated from the dislocation line

tension (Γ), is used to calculate the the critical shear stress (τcss). In a polycrystalline

system, the macroscopic stress increment due to the precipitation strengthening can

be calculated using equation 2.1 where M is the orientation factor (3.06 for f.c.c)

and L is the effective precipitate spacing.

σp = Mτcss =
MFm

bL
(2.1)

L and Fm have different expressions depending on the strengthening mechanism,

which yields different equations to estimate the precipitation strengthening.

Shearing Small and weak precipitates can be sheared by moving dislocations.

In this mechanism, the precipitate strength (Fm) is mainly controlled by creating

atomic mismatches within the precipitate, an extra particle-matrix interface and an

elastic modulus mismatch.

Studies have found the elastic stain field around small coherent precipitates has

a stronger strengthening effect that the precipitates themselves [91]. This term is

referred as coherency strain hardening. In 7xxx aluminium alloys, equation 2.2 has

been used to calculate the coherency strain hardening effect, where αϵ is a constant

taken as 2.6 for f.c.c, b is the Burgers vector, ϵc is the constained misfit strain, G is

the shear modulus of aluminium, R and Vf are the mean radius and volume fraction

of precipitates [92, 93].

σcs = MαϵGϵ3/2c (
RVf

0.5b
)1/2 (2.2)

The modulus mismatch between the precipitate and the matrix will also strengthen

the material. Equation 2.3 has been used in aluminium alloys to calculate this con-

tribution where ∆G is the modulus difference between precipitate and matrix, m is

a characteristic constant close to 0.85 [92, 93, 94].
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σms = M0.0055(∆G)3/2(
2Vf

G
)1/2(

r

b
)
3m
2

−1 (2.3)

Once dislocations pass through precipitates, atomic mismatches may be created

in the form of antiphase boundaries opposing the movement of the next dislocation.

This is usually referred to as chemical hardening or order hardening. Ardell de-

rives the following equation to estimate the strength increment, where γAPB is the

antiphase boundary energy [95].

σos = M0.81
γAPB

2b
(
3πVf

G
)1/2 (2.4)

For a given situation of mean radius R and volume fraction Vf , the highest of

σcs+σms or σos is taken as the effective strengthening component from the shearing

mechanism.

Bypassing Once a dislocation line is stopped by large and strong precipitates that

are not shearable, the dislocation line continues to bow out until it encloses itself

again. A dislocation ring is left around the bypassed precipitate. Many equations

can be found in the literature to estimate the strength of Orowan bypassing. They

usually follow the general form:

τorowan ∝ Gb

λ
(2.5)

Under the assumption of finite precipitate size, the inter-particle spacing in the

slip plane (λ) can be calculated from the number of precipitates per unit area

(
Vf

2/3πR2 ).

λ =
1√
Ns

= (
2π

3Vf

)1/2R (2.6)

Combining equation 2.5 and 2.6 yields the Orowan stress being proportional to
V

1/2
f

R
. Bacon et al. further developed this by considering the effect of dislocation

self-interaction, which gives the Orowan stress in the basic form as equation 2.7,

where A is 1/2π for edge dislocations or 1/2π(1 − ν) for screw dislocations, B is

a constant, D is the precipitate diameter [96]. As an example, equation 2.9 may

be used to estimate the stress increment from the bypassing mechanism in 7xxx

42



2.4. PRECIPITATION STRENGTHENING 43

aluminium alloys [92, 93]. The inter-precipitate spacing λp is slightly modified from

equation 2.6, which reflects that the assumption of finite precipitate size may be

invalid in the late stage of precipitation (with a relatively high volume fraction).

τorowan =
GbA

λ
[ln(D) +B] (2.7)

σorowan = M
0.4

π

Gb√
1− ν

ln(

√
2/3R

b
)

λp

(2.8)

λp =

(
(
2π

3Vf

)1/2 −
√

8

3

)
R (2.9)

2.4.2 Strengthening Model

There are many precipitation strengthening models available in the literature. A

complete review of them is beyond the scope of this thesis. We will only provide

a basic review of a few influential models based on Friedel statistics and Kocks

statistics [97].

Friedel statistics, which has been proved to be suitable for shearable precipitate,

gives equation 2.10 describing the relation between L and λ [95, 98].

λ = L(
Fm

2Γ
)1/2 (2.10)

Combining equation 2.10 and 2.6, the effective precipitate spacing under Friedel

statistics is given by 2.12.

L(
Fm

2Γ
)1/2 = (

2π

3Vf

)1/2R (2.11)

L = (
4πΓR2

3VfFm

)1/2 (2.12)

The maximum force that a precipitate can sustain (Fm) depends on the precip-

itate radius [98]. Considering a size distribution function f(R), the average precip-

itate strength can be estimated using equation 2.13.
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Fm =

∫ ∞

0

Fm(R)f(R)dR (2.13)

Finally, substituting equation 2.12 and 2.13 into the general precipitation strength-

ening equation 2.1, the precipitation strengthening under Friedel statistics can be

obtained (equation 2.14) [98].

σF
p =

M

Rb

√
3Vf

4πΓ

[∫ ∞

0

Fm(R)f(R)dR

]3/2
(2.14)

As introduced in the previous section, different mechanism yields different ex-

pression to calculate the precipitate strength F . Indeed, all equations in the previous

section of the shearing mechanism are based on the Friedel statistic[95]. However, it

is clear that using those equations (2.2, 2.3 and 2.4) requires a good understanding of

physical parameters such as misfit strain ϵ, modulus difference between precipitates

and matrix ∆G and antiphase boundary energy γAPB. These parameters are not

readily available for complex alloy systems. Particularly, in 7xxx aluminium alloys,

many precipitate phases can co-exist in the matrix, which adds extra difficulties to

use these parameters to estimate the stress increment from the shearing mechanism.

F (R) = kGbR (2.15)

Gerold proposed a general expression (equation 2.15) using an adjustable pa-

rameter k to estimate F without going deep into the mechanisms involved [99]. The

applicability of this simple formula in 7xxx aluminium alloys has been demonstrated

by Deschamps and Brechet [98]. Under the circumstance that all precipitates are

shearable and the assumption that dislocation line tension is constant as βGb2 (β ∼

0.5), combining equation 2.14 and 2.15 yields equation 2.16 to estimate the precip-

itation contribution to the macroscopic stress [98].

σF
p =

√
3

4πβ

k3/2MG√
b

(VfR)1/2 (2.16)

For non-shearable precipitates, Kocks statistics which is based on the numerical

simulation of dislocation gliding through a set of precipitates is the alternative ap-

proach to model the precipitation strengthening [95, 98, 97]. Deschamps and Brechet
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proposed equation 2.17 to estimate the effective precipitate spacing [98]. Further

assuming the average precipitate strength is equal to 2Γ, the strength contribution

can be calculated using equation 2.18 [98]. It is clear this model underlines that

the effective precipitate spacing (L) is 15% larger than the inter-particle spacing (λ)

derived under the finite precipitate size assumption. Although this 15% adjustment

is valid in their case, the applicability under other ageing conditions requires further

evaluation.

Lbp = 1.15

√
2π

3Vf

R (2.17)

σK
p =

M

1.15bR

√
3Vf

2π

∫ ∞

0

Fm(R)f(R)dR (2.18)

σKV
p = 0.9MGb

√
Nscos(

ϕ

2
)3/2

(
1− 1

6
cos(

ϕ

2
)5
)

(2.19)

Another recent attempt of using Kocks statistics to model the strength contri-

bution from non-shearable precipitates was made by Vaucorbeil et al [100]. They

proposed equation 2.19, which is purely empirical, using the breaking angle ϕ. Al-

though this equation has been successfully applied in some 6xxx systems [100, 97],

the applicability in 7xxx systems requires further investigation.

2.5 Deformation-Precipitation Interaction

The interactions between deformation and precipitation can affect the precipitation

behaviour in different ways [98, 101, 102, 103], depending on the sequence of ageing

and deformation. In the simple situation of precipitation without any deformation,

relatively homogeneous precipitation of GP zones may be observed in the matrix.

Consequently, the common proposed precipitation sequence from GP zones to η′

phase and then η phase, may be fulfilled [104, 105]. However, when the ageing

process is applied on alloys with pre-deformation, or when the ageing process is

coupled with deformation, the precipitation behaviour may not be the same as

usual.
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2.5.1 Pre-deformation Effects on Precipitation

The effect of pre-deformation on the subsequent precipitation behaviour is mainly

considered as the competition between homogeneous precipitation in the matrix and

heterogeneous precipitation on dislocations. Energetically, the high elastic energy

of dislocations decreases the energy barrier of nucleation. Kinetically, on the one

hand, dislocations may modify the distribution of surrounding solutes. On the other

hand, they also provide fast diffusion paths for solutes. In 7xxx aluminium alloys,

the combination of both effects may lead to the following concepts depending on the

initial temper and the heating rate of the subsequent ageing [28, 98]

• Dislocations act as the vacancy sink, which can reduce the formation of GP

zones. Thus the η′ phase amount is also limited.

• Dislocations are the preferred heterogeneous nucleation sites, which can reduce

the formation energy of more stable phases such as η. Studies further proved

under such circumstances the growth of η phase favours a small misorientation

between the growth direction of precipitates and the initial dislocation line

direction[106].

• The high diffusion rate along dislocation limits the solute for the bulk diffusion

to form the GP zones. But it can accelerate the coarsening of precipitates on

dislocations during the over-ageing process.

The influence of pre-deformation is particularly interesting in the condition when

a small amount of strain is applied between the solution heat treatment and ageing

process to relieve the internal stress induced by the quenching step [107, 80, 108, 109].

In 7xxx aluminium alloys where the high strength is usually achieved by a uni-

form distribution of the fine precipitates, introducing dislocations in the early stage

of ageing may have negative effects on the hardening response [107, 80]. On the

one hand, large and stable precipitates on dislocations limit the solutes for small

homogeneous precipitates in the matrix. On the other hand, a large precipitate may

result in a local solute concentration gradient, which favours the dissolution of small

precipitates and the growth of large precipitates. Therefore, a carefully designed
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balance between precipitation in bulk and on dislocations is important to optimise

the final mechanical properties.

Deschamps et al.(1997) studied the pre-deformation effect on subsequent ageing

using an Al-Zn-Mg alloy in the supersaturated condition [107]. They have reported

the heating rate of the following artificial ageing affects the final peak strength. For

a fast heating rate, such as the isothermal heat treatment, the difficulty of forming

GP zones around dislocations results in a spread of the size of precipitates between

dislocations and the matrix. Consequently, the non-uniform distribution of the main

hardening phases (GP zone and η′) limits the peak strength. If the heating rate of

the subsequent artificial ageing is slow (30◦C/hr), GP zones will have more chance

to form in the matrix during the heating ramp. Therefore, after the artificial ageing,

the negative effect of the dislocations on the final peak strength is not as strong as

samples undergoing the artificial ageing with a fast heating rate.

2.5.2 Dynamic Strain Ageing

Precipitation behaves differently during deformation. Positive effects are mainly ob-

served as an accelerated nucleation rate and/or growth rate of precipitates. Dynamic

strain ageing is the mechanism describing the interactions between the obstacles and

the dislocations. Even though the commonly discussed obstacles are the solutes,

the precipitates in the matrix may affect the macroscopic behaviour of the dynamic

strain ageing [110, 111]. In some conditions, when the serrated yield curve appears,

the Portevin-Le Chatelier (PLC) phenomenon reflects the appearance of the dy-

namic strain ageing [112]. Traditionally, the theory explaining the dynamic strain

ageing effect is proposed by Cottrell. In this theory, the strengthening is attributed

to the decreased dislocation movement by the pinning points. The serrations on

the stress-strain curve are explained by the pinning and unpinning of the mobile

dislocations by the solutes. The occurrence of the PLC effect commonly depends

on the solute concentration, temperature and strain rate. It is also reported that a

critical strain has to be reached for the occurrence of the serrations.

In 7xxx aluminium alloys, the dynamic strain ageing effect may not be char-

acterised by the serrated yield curve. It is often used to explain the high work

hardening rate and negative strain rate sensitivity observed during deforming the
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samples with high solute concentrations [112, 113]. When dislocations are arrested

on the obstacles, solutes can diffuse to and build up at the dislocations. After de-

pinning, the solute-rich clusters left behind can nucleate and grow into precipitates.

The non-saturated Cottrell-Bilby law can be used to estimate the solute concen-

tration at the dislocations [113]. Consequently, the nucleation rate contributed by

the dynamic strain ageing can be estimated as shown in equation 5.1, where r is

the precipitate radius, b is the Burgers vector, ρ is the forest dislocation density,

ρm is the mobile dislocation density, k′ is the proportional constant, ε̇ is the strain

rate[113, 114].

dN

dε
=

3

4π

1

r3
k′ρ

2/3
m ρ1/6

b1/3ε̇2/3
(2.20)

In the early works of studying the concurrent effect of precipitation and defor-

mation [112, 113], the dynamic strain ageing mechanism has been used to explain

the inverse PLC effect during deforming the supersaturated aluminium alloys at

room temperature. Small-angle X-ray scattering was performed in-situ and ex-situ

to study the high strain hardening rate and the negative strain rate sensitivity. It is

reported that fast precipitation kinetics was observed compared to simple thermal

ageing without deformation.

Although the dynamic strain ageing model may explain the precipitation be-

haviour at a slow strain rate with the negative strain rate sensitivity, it mainly con-

siders the heterogeneous precipitation on the dislocations with limited contribution

from the bulk diffusion [113, 115]. For the fast strain rate and the low-temperature

deformation, it is argued that dislocation-induced atomic movement may also con-

tribute to the dynamic precipitation [113]. In the early time of studying dynamic

precipitation, the discussions were mainly focused on the dislocation effect such as

the pipe diffusion and the solute collector. It should be addressed that multiple

effects could happen simultaneously, especially at the early stage of precipitation,

such as shearing small coherent clusters [112, 116].

48



2.5. DEFORMATION-PRECIPITATION INTERACTION 49

2.5.3 Excess Vacancy Assisted Dynamic Precipitation

Vacancies play critical roles in the precipitation process. One of the most important

aspect is to assist the diffusion of substitutional solutes. Conventionally, vacancies

exist naturally in crystals. The equilibrium concentration at a temperature below

the melting point is defined by the minimum free energy. This can be theoretically

calculated by using equation 2.21,where Qf is the formation energy and kB is the

Boltzmann’s constant.

exp(
−Qf

kBT
) (2.21)

Figure 2.7: Schematic of the intersection of two screw dislocations produces edge-
jogs, and the movement of these edge-jogs by climbing produces vacancies

Vacancies can also be mechanically produced by moving dislocation jogs [117].

As shown in figure 2.7, when two screw dislocations (AB and CD) intersect each

other, edge-type jogs (EF and GH) will be formed with Burgers vectors the same

as their parent dislocations and line vectors same as the Burgers vectors of cutting
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dislocations. For example, EF edge jog has a Burgers vector b1 and a line vector

b2. Since the line vector b2 is out of the plane, EF edge jog can not glide to E ′F ′.

Therefore, the only way for AB screw dislocation to slip to A′B′ is by taking EF with

it through a non-conservative motion such as climb which is a thermally activated

process. Under this circumstance, jogs will act as pinning points resulting in the

dislocation to bow out. Once the shear stress applied overcomes the stress for EF

to climb, EF can leave the plane and climb to E ′F ′ leaving vacancies behind.

Compared to the thermal vacancies, deformation-induced vacancies can achieve

a higher concentration depending on the temperature, strain and strain rate [103].

Since the diffusivity of substitutional solutes is proportional to the concentration of

vacancies, deformation-induced vacancies could have a strong influence on precipi-

tation behaviour. Unlike the pre-deformation effect and the dynamic strain ageing

effect which predominately focus on dislocations favouring the heterogeneous pre-

cipitation, the excess vacancy mechanism has been found to accelerate homogeneous

precipitation [101, 102].

In aluminium alloys, the evolution of excess vacancies can be quantitatively

estimated using equation 2.22 [101, 102, 103, 118], where ρ is dislocation density,

Qf is the formation energy of the vacancy, Dv is the diffusivity of vacancies to

the dislocation, χ and Ω are a constant number and the atomic volume. Most

importantly, equation 2.22 indicates the production rate is proportional to the strain

rate and the plastic stress. The annihilation rate of excess vacancies is proportional

to the dislocation density and the concentration of excess vacancies.

dCv

dt
=

dC+
v

dt
− dC−

v

dt
= χ

σΩ

Qf

ε̇−DvρCv (2.22)

For the purpose of simplification, two extreme conditions may be fulfilled de-

pending on the experimental conditions. Deschamps et al. (2012) reported an

experimental condition of non-steady-state evolution of excess vacancies. When

pre-aged samples made of 7xxx aluminium alloys were monotonically deformed at

160 ◦C with slow strain rates (∼ 10−5 s−1), the annihilation rate was smaller enough

to be negligible compared to the production rate [101]. Overall, the growth rate

of precipitates showed a linear relation to the applied plastic strain indicating the

accumulation of vacancies with increasing strain.

50



2.5. DEFORMATION-PRECIPITATION INTERACTION 51

A steady-state condition of excess vacancy evolution was reported by Hutchinson

et al (2014). When under-aged samples made of AA7050 were cyclically deformed

at room temperature, they found the nucleation rate of precipitates (dN/dε) was

independent of the strain rates [102]. In the classical nucleation theory, the nucle-

ation rate of precipitates with respect to strain should be inversely proportional to

the plastic strain rate [102]. In their study, this strain rate effect is balanced by the

steady-state excess vacancy concentration which is proportional to the plastic strain

rate. They further rationalised the steady-state condition by arguing cyclic loading

resulted in a short distance between dislocations promoting a fast annihilation of

vacancies.

Under what circumstance the evolution of excess vacancy reaches the steady or

non-steady state is critical to the understanding of this mechanism. In more complex

situations, the evolution of excess vacancies could be in somewhere between the two

extreme conditions mentioned above. For example, the annihilation rate is neither

small enough to be fully ignored nor large enough to balance the production rate

to reach the steady-state condition. In addition, to accurately calculate the net

production rate of excess vacancies and predict the precipitation behaviour, other

parameters, such as the formation energy of vacancies and the diffusivity of vacancies

to the dislocation, are also critical. Unfortunately, to this day, they are far from

being well studied [103].

dN

dε
= C1(

dN

dε
)vacancies + C2(

dN

dε
)dislocations (2.23)

The situation may be even more complicated if dynamic precipitation happens in

the under-aged 7xxx aluminium alloys when dynamic strain ageing could also play an

important role. There is an attempt made by Moghanaki and Kazeminezhad (2016)

to try to explain the dynamically enhanced nucleation in a supersaturated condition

[114]. In addition to producing excess vacancies, the dislocation effect on nucleation

was also considered using the dynamic strain ageing theory. Solutes can segregate

to dislocations during the waiting time of dislocations arrested on obstacles [113].

For the purpose of simplification, in their attempt, a proportional relationship was

assumed between the nucleation rate and the solute concentration on dislocations

[114]. As shown in equation 2.23, C1 and C2 are used to represent the portion of
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each mechanism. Although this method successfully fits the data from Deschamps

et al (2003) [113], the physical meaning of the portion factors (C1 and C2) still needs

to be further investigated. Furthermore, when they considered the excess vacancy

evolution, they simply followed the steady-state assumption from Hutchinson et al

(2014)[102] without providing convincing explanations of the applicability of such an

assumption. Indeed, different experimental conditions may lead to the invalidation

of the steady-state assumption.
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Chapter 3

Experimental Methods

This chapter summaries the basic principles behind the experimental techniques

which were used in this study. The detailed experimental procedures which are

necessary to repeat the results in this thesis are presented in relevant chapters.

3.1 Materials

The research in this thesis was conducted on 7075 aluminium alloys, which is a

typical high strength 7xxx aluminium alloys widely used in the automotive and

aerospace industry. The materials were industrially manufactured by direct chill

casting and homogenisation followed by hot rolling to 90% thickness reduction and

cold rolling to 65% thickness reduction. The sheets were then supplied by Constel-

lium in the as fabricated condition (F-temper) with a final thickness of 1.5mm. The

nominal composition and the dimension of samples for each experiment are reported

in relevant chapters.

3.2 Heat Treatments

Heat treatments in the present study are classified into either high temperature

solution heat treatment or intermediate temperature ageing. The solution heat

treatments were performed in an air circulated furnace which has a maximum limit

of 600 ◦C. All the ageing processes were performed in an air circulated furnace which

has a maximum limit of 300 ◦C. The purpose of this practice is to make the best
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3.3. MICRO-HARDNESS 65

usage of each furnace’s heating range to obtain better signal to noise ratio and ensure

high repeatability of experiments.

After the solution heat treatment, samples were water quenched to room temper-

ature producing a status of supersaturated solid solution. To avoid natural ageing,

samples were immediately transferred to the ageing furnace with pre-set tempera-

ture. Afterwards, materials were stored in the freezer at -29 ◦C waiting to be further

processed or characterised.

The temperature and time for each heat treatment in this thesis are summarised

in table3.1.

Table 3.1: Heat treatments in this thesis
Heat treatments Temperature Time

Solution heat treatments 480 ◦C 1 hour
Peak ageing (T6) 120 ◦C 24 hour
Paint bake process 185 ◦C 20 minutes

Pre-ageing 40 to 100 ◦C 2 to 8 hours
Second-ageing 120 ◦C 2 to 12 hours

3.3 Micro-hardness

Hardness testing is a non-destructive method to characterise material’s resistance

to the plastic deformation. It is a simple and efficient method that can provide

an initial indication of a wide range of material’s mechanical properties such as

strength, wear resistance and toughness. In this study, Vickers hardness method is

used to characterise material’s strength. The schematic is illustrated in figure 3.1.

Tests were performed using a pyramid-shaped diamond indenter. A constant

load was applied for a set amount of time to create a pyramid-shaped deformed

zone. The diagonal lengths of the indentation was then measured using the optical

microscope equipped on the hardness testing machine. Equation 3.1 is used to

obtain the hardness value, where F is the applied load and d is the average diagonal

length. Since the average diagonal length was substitute in the equation, the best

practice is to have a symmetrical pyramid indentation which relies on the surface

flatness and the homogeneity of material’s property.
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Figure 3.1: Schematic of Vickers hardness test

HV =
2Fsin136◦

2

d2
≊ 1.854

F

d2
(3.1)

Depending on the applied load (size of the indentation), Vickers hardness testing

can be conducted on macro-scale and micro scale-scale. Generally, for an applied

load below 1kgf, it is classified as micro-hardness. In this study, 0.5kgf load was used

on all hardness measurements with 10 seconds dwelling time. Since micro-hardness

usually produce a smaller indentation than macro-hardness, local heterogeneity of

the material may scatter the results. Practically, an average hardness value and

standard deviation were calculated from at least 10 indentations.

Before any hardness measurements, samples were progressively ground using

silicon-carbide grinding papers from 300 grit to 4000 grit. When materials were

ground using grinding paper with a grit number below 1200, water was used as

the coolant and lubricant. When materials were ground using 1200, 2500 and 4000

grit grinding paper, water was replaced by methanol to provide high quality surface

condition.
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3.4 Mechanical Testing

Mechanical tests are designed to examine materials’ mechanical properties. In this

thesis, this is limited to uni-axial tensile test which provides information such as

yield stress, ultimate tensile strength, elongation to failure and work hardening

behaviour. Three machines were used in this study depending on the size of the

sample and the purpose of the experiment.

3.4.1 Room temperature testing

An Instron 5569H1549 machine with a 30kN load cell was used to perform uni-

axial tensile tests at room temperature. An extensometer with 25mm gauge length

was attached on the sample to measure the plastic strain throughout the test with

the plastic strain rate of 10−4s−1. The sample dimensions follow the ASTM E8-04

standard. Details are presented in the relevant result chapter.

3.4.2 Warm temperature testing - Dilatometer

TA instrument DIL805 A/D/T dilatometer was used to study material’s behaviour

at warm temperature between 120 ◦C to 180 ◦C. This instrument can perform tensile

tests at strain rates between 7 × 10−4 s−1 to 1 s−1 with rapid heating and cooling

(up to 100◦C s−1) and accurate temperature control (to within 0.1◦C).

To achieve high temperature, the instrument is equipped with an electromagnet.

By passing a high-frequency alternating current (AC), induced current is generated

inside the sample. The resistance of the material to the induced currents gener-

ates Joule heat raising the temperature. To accurately measure and control the

temperature, R-type thermocouple was spot welded onto the center of the parallel

gauge area. During deformation, two push-rods were attached on the ends of gauge

area to measure the elongation thus the plastic strain. After deformation, gas flow

of nitrogen was used to achieve cooling in a controlled manner. An image of the

dilatometer chamber is shown in figure 3.2 [1].

Taking the advantage of this cooling unit, solution heat treatment followed by

gas quenching can also be simulated using this dilatometer. Compared to per-

forming solution heat treatment in the furnace and then transferring samples onto
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Figure 3.2: TA instrument DIL805 A/D/T dilatometer[1] (Copyright obtained
from Elsevier)

the tensile machine, this method avoids natural ageing during sample transporta-

tion and artificial ageing during the reheating from room temperature to the target

warm temperature. Sample dimensions and relevant experimental configuration are

presented in chapter 4.

3.4.3 Warm temperature testing - ETMT

Instron electro-thermo-mechanical testing machine (ETMT) equipped with a 3kN

load cell was used to perform uni-axial tensile deformation at warm temperature

between 120 ◦C and 150 ◦C. An image of the ETMT instrument is shown in figure

3.3 [2].

Figure 3.3: Instron electro-thermo-mechanical testing machine (ETMT). (a) an im-
age of the environmental chamber, (b) an image of the overall ETMT instrument
and (c) a schematic of the environmental chamber.[2] (Copyright obtained from
Springer Nature)

Unlike the dilatometer, Joule heat is generated by passing direct current (DC)

through the sample. R-type thermocouple was replaced by K-type thermocouple to
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measure and control the temperature. Cooling was achieved by running cold water

through the clamping grips.

The effect of this configuration on the temperature profile of the gauge area

is illustrated in figure 3.3, revealing a parabolic temperature distribution with the

highest temperature point aligned with the thermocouple’s welding spot. Further

measurements were conducted using additional thermocouples to assess temperature

variations in this area. Notably, the present study detected a +/- 1 ◦C difference

when spot welding the additional thermocouples 2mm above and below the central

thermocouple. Consequently, to minimize experimental error, it is imperative to

conduct further characterizations within this effective gauge area. For example,

TEM samples of 3mm diameter discs were sectioned from this region to study the

distribution of precipitates. To ensure precise in-situ small angle X-rays scattering

measurements, efforts were also made to control the beam size, thus effectively

exposing the X-rays to this critical hot zone.

To analyse the effective plastic strain in this hot region, we utilized the com-

mercial digital image correlation software, LaVison Davis 10. In this study, the

gauge area (hot region) exhibited a generally uniform strain distribution, reflecting

consistent material response to an external load. However, despite efforts to remove

high-frequency noise by capturing a set of static condition images prior to defor-

mation, subtle localized variations were still observed within this uniformity during

deformation (e.g. ± 0.5% at 9% strain). These variations, while minor, could be

attributed to factors such as local microstructural heterogeneities, surface irregular-

ities and experimental configurations (e.g. speckle pattern quality and subset size).

Unfortunately, our study could not directly compare DIC-derived strains with exter-

nal measurements from a high-temperature extensometer due to the unavailability

of a suitable extensometer gauge length.

Limited by the capacity of the load cell and the power of the heating unit,

samples to be tested using the ETMT usually have small dimensions which is not

ideal to provide mechanical properties. However, ETMT has its own incomparable

advantages. Without the requirement of using electromagnet, ETMT has a open ex-

perimental environment. Together with the synchrotron X-ray, in-situ experiments

can be carried out to characterise the sample and collect material’s properties in a
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time-resolved manner. Detailed experimental condition and beamline configuration

are presented in chapter 7.

3.5 Transmission Electron Microscopy

The ability of a perfect imaging system to resolve details is defined by the De

Broglie wavelength of the ‘light’. Rayleigh criterion describes that the minimum

resolvable distance of a perfect imaging system is proportional to the wavelength

of the ‘light’ [3]. Based on the De Broglie hypothesis of wave–particle duality, high

energy electrons can be used as ‘light’ to resolve details in the unit of angstrom or

even sub-angstrom. As a complex system, TEM operates under the cooperation of

multiple units. Modern TEM instruments are usually equipped with other advanced

characterisation tools providing the ability to quantify the chemical and physical

properties of the investigated material.

A typical TEM consists at least three units. First, the emission source is com-

monly referred as the electron gun. By connecting the gun to the high voltage,

high energy electrons are emitted. There are mainly two types of electron gun.

For a thermionic electron source, filament made of tungsten or LaB6 is progressively

heated. Electrons with enough energy to free from the solid surface are attract by the

anode and directed into the column. In this study, TEM instruments are equipped

with field emission gun (FEG) which uses electrostatic field to induce electron emis-

sion from a sharp tungsten wire. Although FEG is generally more expensive than

thermionic gun, FEG provides high brightness and stability which are essential for

atomic imaging.

Lenses, apertures and the sample stage compose the second unit. Lenses are

made of coils. By passing electric currents, an electromagnetic field is created tai-

loring the path and trajectory of electrons. As lenses are not physically movable in

the TEM system, focusing or spreading the beam are therefore archived by adjusting

the current in the coil. Apertures are holes with specific sizes on a physical strip,

which are used to select electrons. As illustrated in figure 3.4, in a typical TEM

system there are condenser lenses and apertures, objective lenses and apertures,

selected area apertures, intermediate lenses and projector lenses. Condenser lenses
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and apertures control the incident (convergence) angle and size (diameter) of the

beam on the sample. Below the sample stage, objective lenses are used to generate

the first intermediate image. Intermediate lenses decide if the image or diffraction

pattern of the sample is being passed down to the projector lenses which provide

most of the magnification in a TEM system. Objective apertures and selected area

apertures may be used depending on the operation mode of the TEM. In the imag-

ing mode, objective apertures can be used to enhance certain contrast. Objective

apertures are placed at the back focal plan of the objective lenses (as illustrated

in figure 3.4 (b)), where diffraction patterns are formed. Unscattered beam can be

selected to generate bright field image. Scattered beam can be selected to generate

dark field image. In the diffraction mode when recording the diffraction pattern

is the primary concern, selected area apertures located at the image plane of the

objective lenses (as illustrated in figure 3.4 (a)) are used to select interested area of

the sample.

The final part is the imaging unit. Conventional digital imaging on TEM instru-

ments uses charge-couple device (CCD) camera, which is a two-dimensional sensor

system with an array of pixels made of metal-oxide-semiconductor (MOS) capaci-

tors. CCD cameras are sensitive to incident radiation such as electrons and photons.

Directly exposing high energy electrons onto a sensor will damage the detector. Tra-

ditional CCD cameras have a layer of scintillating film converting the electrons into

photons which are consequently passed to MOS capacitors to generate electrons.

After the exposure event, these photo-generated electrons will be passed pixel by

pixel to the read-out unit where they will be converted to voltage and create the final

image. Complementary metal-oxide-semiconductor (CMOS) camera also referred as

active-pixel camera is made of MOSFET amplifiers per pixel. For CMOS camera,

rather than passing photo-generated electrons through neighbours to reach the final

read-out unit, charge to voltage conversion happens in each pixel. This enables fast

image read-out, which means images can be collected with fast frame rate. CMOS

detectors are replacing CCD in modern TEM instruments.

Precipitates of interests in the present study are extremely small with size in

the scale of nanometers. Transmission electron microscopy was, therefore, required

to provide direct observation with spatial resolution. However, interpreting TEM
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Figure 3.4: Schematic of basic operations of TEM in (a) diffraction mode and (b)
imaging mode [3] (Copyright obtained from Springer Nature)

micrographs can be a challenging task since contrast may arise from different sources.

Mass-thickness contrast arises from the incoherent scattering of electrons. Thicker

sample will scatter more electrons than a thinner sample. Similarly, heavy atoms

with large atomic number Z will also scatter more electrons than light atoms. Con-

sequently, in a bright field image, areas scattering more electrons will appear darker

than area scattering less electrons. In materials without crystallinity such as amor-

phous polymer and biological tissues, mass-thickness contrast is the main source of

contrast.

In crystalline materials, diffraction contrast aroused from the coherent elastic

scattering of electrons can be used to study lattice defects such as dislocations. To
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obtain a micrograph with diffraction contrast, sample needs to be carefully tilted to

meet the two-beam condition when only one diffraction spot has intensity as strong

as the unscattered beam [3].

Both mass-thickness contrast and diffraction contrast involve in changing the

amplitude of electron waves. Therefore, they are classified as amplitude contrast. If

the objective aperture is used to selected more than one beam, the micrograph will

also contain phase contrast. In high resolution TEM (HRTEM), phase contrast is

appeared as lattice fringes which are directly related to the periodicity of the real

lattice. However, these lattice fringes are not direct images of the atomic structure.

Extra caution is required when interpreting HRTEM images.

TEM images presented in this thesis were collected from two instruments. Mi-

crographs in chapter 5 were collected using a FEI Tecnai G2 instrument equipped

with a field emission gun operating at 300keV and a CCD camera to collect images.

TEM images in other chapters were collected using a FEI Talos instrument equipped

with a field emission gun operating at 200keV and a Ceta-M camera (CMOS sen-

sor) to collect images. Twin-jet electropolishing method was used to make electron

transparent area on samples with 3mm diameter and 80 microns thickness. Detailed

experimental procedures are described in relevant chapters.

3.6 Small Angle X-ray Scattering

Scattering describes the process when an incident wave is forced to change from

its original path by local heterogeneity. Visible light can be scattered by molecular

particles in the atmosphere. As an example, Rayleigh scattering which is more

effective at short wavelength result in the sky away from the sun showing blue colour.

X-rays are scattered strongly by electrons. Compared to the visible light which has

wavelength between 400 ∼ 700nm, X-ray which usually has a wavelength in the

unit of angstrom (10−10m) is the better choice of the incident light to investigate

microstructure in the nanoscale.

Small angle scattering techniques collect the elastically scattered waves in the

range of small angle, which contain the structural information of the scattering

object. Unlike transmission electron microscopey which is mainly used to provide
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local information with spatial resolution, small angle scattering is not an imaging

technique. However, SAS can be applied on materials with large volume to provide

statistical information of the investigated structure.

Particularly, small angle X-ray scattering has been proved as a promising tech-

nique to investigate precipitates in 7xxx and 2xxx aluminium alloys where an ade-

quate electron density contrast exists between precipitates and the aluminium ma-

trix [4]. The size, volume fraction and number density of precipitates can be effi-

ciently obtained. Recent developments on the anomalous SAXS with variable X-ray

wavelength may provide information related to the chemical composition of pre-

cipitates [5, 6, 7]. These quantitative data are invaluable to the understanding of

materials’ behaviour and the development of numerical models simulating materials’

properties.

3.6.1 Theory

The wave factor of the incident radiation and scattered radiation are defined as ki

and ks. The magnitude of them is defined by equation 3.2 where λ is the wavelength.

Scattering vector q describes the difference between the incident and scattered wave

vectors as shown in figure 3.5. The magnitude of q can be simply derived using

equation 3.3.

|ki| = |ks| =
2π

λ
(3.2)

|q| = 4πsin(θ)

λ
(3.3)

Figure 3.5: Schematic of the relationship between incident wave, scattered wave and
scattering vector q.
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For small angle scattering techniques, the scattering vector q is used to represent

the scattering angle. The theoretical range of it is usually defined by the inter-atomic

spacing of the investigated structure using equation 3.4 [8]. For pure aluminium

with f.c.c structure, the inter-atomic spacing can be calculated using equation 3.5

where a is the lattice parameter (0.40478nm) and r is the atomic radius of the

aluminium (143pm). This yields the scattering vector q in the range of [0, 1.1] Å−1.

Experimentally, the scattering range that can be practically collected is defined by

the energy of the incident radiation and the camera configuration.

0 ⩽ q ⩽
π

da
(3.4)

da = 2r =
a
√
2

2
(3.5)

The scattering amplitude (form factor) in a given direction is defined by equation

3.6, where ρ(r) is electron density, V is the scattering volume and r is the position

vector. In the isotropic scattering condition, scattering intensity written in equation

3.7 is defined as the square of the amplitude [6].

F (q) =

∫∫∫
V

f(r)ρ(r)exp(−iqr)dV (3.6)

I(q) = |F (q)|2 = |
∫∫∫
V

f(r)ρ(r)exp(−iqr)dV |2 (3.7)

Considering all orientations, the exponential term in equation 3.6 can be replaced

by sin(qr)
qr

. Re-writing the intensity function with the auto-correlation of the electron

density and replacing V with the equivalent radius, equation 3.8 can be obtained.

I(q) = V

∫
V

4πr2γ(r)
sin(qr)

qr
(3.8)

For a spherical precipitate of radius R with a electron density contrast (ρp −

ρm) from the matrix, the scattering intensity is given by equation 3.9. If multiple

precipitates exist with a mean radius R and size distribution function f(R), the

total scattering intensity can be written as equation 3.10
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I(q, R) = (ρp − ρm)
2(
4πR3

3
)2(3

sin(qR)− qRcos(qR)

(qR)3
)2 (3.9)

I(q, R) = (ρp − ρm)
2

∫ ∞

0

f(R)(
4πR3

3
)2(3

sin(qR)− qRcos(qR)

(qR)3
)2dR (3.10)

3.6.2 Instruments

Small angle X-ray scattering experiments can be carried out using either laboratory

based instruments or synchrotron facilities. The main difference between them is

the X-ray source. For laboratory instruments, X-ray are usually generated by using

a metal anode. Tungsten filament is used to generate high energy electrons which

are then direct to the metal anode. If an accelerated electron has an energy above

the excitation potential of the target metal atom, it will knock out an electron from

the inner shell of the target atom [9]. An electron from the outer shell of the target

atom will then jump down to fill the hole. Characteristic X-ray is emitted with

energy equal to the difference between two orbits. Table 3.2 lists metals which are

commonly used in laboratory to generate X-ray.

Table 3.2: Common laboratory metal anode used to generate X-ray [10]
Metal Kα1 wavelength (Å) Kα1 energy (keV)

Cu 1.5406 8.0478
Mo 0.7093 17.4799
Cr 2.2897 5.4147
Fe 1.9360 6.4038
Co 1.7890 6.9303
Ga 1.3401 9.2517

Using traditional metal anode to generate X-ray is usually inefficient. Only a

small portion of the incident energy generates characteristic X-rays. The majority

of the energy is converted to heat during the collision between accelerated electrons

and the target metal anode [11]. To avoid melting of the metal anode, heat needs

to be dissipated. For a fixed anode, the ability of the cooling system determines the

flux of the X-ray. To improve the heat dissipation, it is ideal that the accelerated

electrons not just bombard the same region of the metal anode. A rotating anode
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(invented around 1930s) can generate X-rays with flux about one magnitude higher

than a fixed anode [12].

Most recent development of the laboratory X-ray source (around 2000s) is liquid-

metal-jet anode. Different to traditional metal anodes which have high melting

temperatures, metals with low melting points (Gallium at 29.76 ◦C) are used for

this type of X-ray source. Since the anode is working in the liquid state, accelerated

electrons with much higher energy can be used to bombard the anode resulting in

significantly improved X-ray flux (∼100x than rotating anode) [12].

When a moving electron is forced to bend from its original trajectory path, energy

is emitted. If the speed of this moving electron is fast enough, energy will be emitted

as X-rays. For a synchrotron facility, electrons are first generated and accelerated to

millions of electron voltage using a linear particle accelerator (linac). These electrons

are then ejected into the booster synchrotron where they are further accelerated to

billions of electron voltage. Afterwards, these high energy electrons are sent to the

storage ring which is made of straight sections angled together. Between adjacent

straight sections, electromagnets are used to force the high speed electrons to travel

though the storage ring under vacuum. Synchrotron X-rays generated in the storage

ring will be chanelled into each beamline where the X-ray beam will be filtered and

focused in the optic hutch then passed down to the experimental hutch.

Regardless of whether the instrument is laboratory or synchrotron, once X-rays

are generated, they will be direct to the monochromators which are used to narrow

the energy of the beam to the selected value. Before exposing on the sample, slits

are used to shape the beam size. A 2-dimensional detector is placed behind the

sample to collect the transmitted scattered X-rays. For a dedicated SAXS beamline

or a laboratory SAXS instrument, vacuum chamber is usually introduced between

sample and detector to avoid signals from air scatterings.

In this thesis, laboratory SAXS experiments were performed on the following

instruments:

1. A Bruker Nanostar instrument at the University of Sheffield is equipped with

a Genix 3D microfocus CuKα source by Xenocs.

2. A Bruker Nanostar instrument at the University of Liverpool is equipped with

a liquid gallium metal jet sourced by Excillum.
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3. A Xeuss 3.0 instrument at Diamond Light Source (Diamond-Leeds facility) is

equipped with a a liquid gallium metal jet sourced by Excillum.

Synchrotron experiments were carried out at the Diamond Light Source UK

using the following beamlines:

1. I12 is a high-energy beamline for imaging, diffraction and scattering. The

incident X-rays are available with energy from 53 to 150keV. There are two

primary advantages of this beamline. First, X-rays with high energy can pen-

etrate thick samples. As an example, using laborotory SAXS instrument with

Cu source to study precipitates in 7xxx aluminium alloys, samples thickness

needs to be around 80 microns. Whereas at I12 beamline, scattering signals

can be successfully collected from 1.5mm thickness using X-rays of 55keV en-

ergy. The second advantage is I12 can facilitate complex sample environments.

In this thesis, an Instron electro-thermo-mechanical testing machine (ETMT)

is used to perform tensile tests at warm temperature. However, I12 is not a

dedicated SAXS beamline. One limitation is that no vacuum chamber is avail-

able to avoid air scatterings. Another limitation is that the camera length for

SAXS experiment is fixed at 4.5m in the experimental hutch 1. This yields

the minimum scattering vector of 0.055Å−1 at 55keV X-rays.

2. I22 is a dedicated SAXS beamline operating at 7 to 20keV. I22 offers a flexible

camera length from 1.9 to 9.9m with the increment of 0.25m under vacuum

chamber [13]. This means I22 can access much lower scattering vector. As

an example, when I22 is operated at 12.4keV energy with 3m camera length,

the minimum scattering vector is 0.004Å−1. Furthermore, at I22, full range

scattering profile can be obtained using two detectors placed with different

camera lengths (SAXS and WAXS). Although X-rays at I22 with relatively

low energy may potentially provide higher photon flux than I12, low energy

X-rays also restrict the penetrable thickness. Another limitation of I22 is that

only small sample environment can be facilitated. Large instruments such as

ETMT can not be integrated onto the I22 beamline.

Detailed instrument configurations for each experiment are introduced in the

related result chapter.
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3.6.3 Data analysis

The scattering pattern of precipitates depends on their crystallographic structure.

For precipitates with a strong crystallographic preference and aspect ratio, scattering

spikes can be observed. An example of this is θ′ and T1 phases in Al-Cu-Li-Mg

system (figure 3.6). For precipitates without a strong aspect ratio but having a

crystallographic preference, spikes may be observed when SAXS is performed on

a single crystal. If scattering signals are collected from multi-grains with different

orientations, an isotropic scattering ring is usually observed. An example of this is

η′ phase in Al-Zn-Mg-Cu system (figure 3.7).

For anisotropic scattering pattern, data analysis usually involves studying the

shape, angle and intensity of each spike [14]. In the present study, only isotropic

scattering pattern is of interest. One-dimensional data can be calculated by circular

averaging the scattering intensity at each scattering vector q.

Irawq
4 = Kp + ILaueq

4 (3.11)

Air scattering (due to the lack of vacuum), isotropic scattering of disordered

solid solution and fluorescence of secondary elements are considered as background

noise (Iair+ILaue) in SAXS measurements [6]. To eliminate the negative effect on the

data, pure aluminium with the same thickness as the investigated sample was used

as the reference sample. Under the same experimental configuration, the scattering

intensity of the pure aluminium is subtracted from the scattering intensity of the

investigated sample. When air scattering is not a concern (under sufficient vacuum

environment), the background noise (ILaue) can be determined by plotting Iq4 as

a function of q (equation 3.11, where the intercept Kp is referred as the Porod

constant) [6].

In practice, the overall scattered intensity can frequently be accurately repre-

sented using equation 3.12, which indicates that the scattered intensity is directly

proportional to several key factors. These factors include the number of scattering

particles present (Np), the volume of these particles(Vp), the electron density con-

trast (ρp − ρm) between the particles and the surrounding matrix (or solvent), as

well as the form factor (F (q)) and structure factor (S(q)).
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Figure 3.6: TEM micrograph and SAXS images of θ′ and T1 phases in a Al-Cu-Li-
Mg system [15] (Copyright obtained from John Wiley and Sons).

Figure 3.7: Bright field STEM micrograph (<1 1 0>zone axis) and SAXS image of
η′ phase in a Al-Zn-Mg-Cu system.

I(q) = NpVp
2(ρp − ρm)

2F (q)S(q) (3.12)

The form factor is responsible for describing the shape of the scattering particles,

providing crucial information about their geometric arrangement and dimensions.

On the other hand, the structure factor, also known as structure interference, ac-

counts for the effects of inter-particle interactions. In an ideal dilute solution, where

particles are mono-dispersed and exhibit no significant interactions, the structure

factor S(q) is equal to unity. Consequently, in such ideal conditions, the overall

scattered intensity I(q) solely arises from the form factor F (q), simplifying the anal-

ysis and interpretation of scattering data. By plotting the data as intensity versus

scattering vector q in a logarithm scale, the presence of structural interference can
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be directly identified as a peak. In 7xxx aluminium alloys, this interference is often

observed in early-stage precipitation when precipitates are relatively small. As the

precipitates grow larger in peak aged or over-aged conditions, the interference effect

becomes less pronounced.

Even in cases where structural interference is negligible, fitting the experimen-

tal scattering profile using equation 3.12 to obtain detailed information about the

investigated system can still be a challenging task. The form factor, which is a cru-

cial component of equation 3.12, depends on the shape of the scattering particles.

Different particle shapes have different form factor expressions, as summarized in

Table 3.3 for common geometries.

Table 3.3: Form factors for common geometries [16]

Geometry Form factor F (q)

Spheres (radius: R) (3 sin(qR)−qRcos(qR)
(qR)3

)2

Cylinders (radius: R, length: L) 4
∫ 1

0

J2
1 (qR

√
1−x2)

(qR
√
1−x2)2

sin2(qLx/2)
(qLx/2)2

dx

Thin disk (radius: R, length: 0) 2−J1(2qR)/qR
q2R2

J1(x) is the first kind Bessel function of order 1

When dealing with poly-disperse spherical particles with radius R and a size

distribution function f(R), a simplified expression such as equation 3.10 can be

used to fit the overall scattering intensity. However, in more complex systems with

non-spherical or irregularly shaped particles, obtaining a precise fit using equation

3.12 can be considerably more challenging.

Overall, while the analysis of scattering data using equation 3.12 can provide

valuable insights into the microstructure of materials, it is essential to be aware of

the potential challenges and limitations, especially in cases involving non-spherical

particles or complex systems with apparent structural interference. Moreover, in

many situations, especially with in-situ experiments or high-throughput data col-
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lection, the amount of scattering data to be analysed can be vast. Using equation

3.12 to analyse large datasets will require significant computing power to process

the information in a reasonable time frame.

Therefore, in the present study, we employed the Guinier approximation as an

alternative method to efficiently evaluate the size of precipitates. However, it is

important to note that this method does not account for the geometry and size

distribution of the investigated particles. Specifically, when using the Guinier ra-

dius to study the evolution of precipitates, errors may arise if the aspect ratio and

size distribution of precipitates undergo significant changes during the investigated

process.

Guinier radius

Signals of SAXS are resulted from the electron density contrast between precipitates

and the aluminium matrix. Guinier approximation (equation 3.13) describes that

signals at low scattering vector q can be used to characterise the overall size of the

particles. Rg is referred as gyration radius or Guinier radius describing the average

electron density weighted size of the particles. Converting equation 3.13 from its

exponential form to the logarithmic form (equation 3.14) and plotting ln(I) as a

function of q2, the Guinier radius can be calculated using the slope (−1
3
R2

g). The-

oretically, Guinier approximation is only valid in the range of q Rg <<1. Although

studies have found the valid range may be extended to 1.7 <q Rg <2.6 [17], defining

the straight regime to perform fitting of equation 3.14 is not practically simple.

I = I0 exp(−
1

3
R2

gq
2) (3.13)

ln(I) = ln(I0)−
1

3
R2

gq
2 (3.14)

Another convenient way to evaluate Guinier radius is using the Kratky plot (Iq2

as a function of q). The maximum value of Iq2 can be indexed. The corresponded

scattering vector q is used to calculate the Guinier radius (equation 3.15). It has

been proved this method can provide reliable Guinier radius in 7xxx aluminium

alloys [6, 17, 18].
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Rg =

√
3

qmax

(3.15)

Guinier radius does not provide information about the shape of the precipitates

being investigated. For spherical precipitates, equation 3.16 can be used to calculate

the real radius [6]. For plate shape precipitates, real radius is calculated using

equation 3.17 where t is the thickness [4]. For an ellipsoid with radius of a, b

and c on the three semi-axis, equation 3.18 is used. Although these equations are

theoretically restricted to condition of mono-dispersed precipitates, numerical and

experimental studies have found the Guinier radius in a poly-dispersed system is

very close to the mean radius [19, 20].

Rg =

√
3

5
Rreal (3.16)

Rg =

√
2 + (t/Rreal)2

5
Rreal (3.17)

Rg =

√
a2 + b2 + c2

5
(3.18)

Volume fraction

To accurately calculate the precipitate volume fraction (Vf ), it requires the knowl-

edge of the electron density contrast (∆ρ) between precipitates and the aluminium

matrix. Due to the extremely small size of GP zones and η′, their chemical composi-

tions are difficult to be determined. The exact stochiometry is still under investiga-

tion. For the benefit of simplicity, the precipitate composition is assumed to be near

constant [6, 17, 18, 21, 22], the integrated intensity of the Kratky plot (equation

3.19) is proportional to the precipitate volume fraction as shown in equation 3.20.

Q =

∫ ∞

0

Iq2dq (3.19)

Q = 2π2∆ρ2Vf (1− Vf ) (3.20)

It is clear that scattering vector is not experimental accessible from 0 to the
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infinity. In fact, every SAXS instrument has its minimum accessible scattering vector

qmin and maximum accessible scattering vector qmax. Mathematical integration of

Iq2dq can be performed within this range (equation 3.21).

Q2 =

∫ qmax

qmin

Iq2dq (3.21)

The scattering intensity at q smaller qmin is overlapped by the beam-stop or the

direct transmitted beam. An linear evolution of the scattering intensity is assumed

from 0 to I(qmin). The integrated intensity in this small region can, therefore, be

estimated as the area of an triangle (equation 3.22).

Q1 =
Iqmin

qmin
3

2
(3.22)

The scattering intensity at scattering vector larger than qmax is assumed to follow

the Porod law (equation 3.11) [6]. The integrated intensity in this region can be

estimated using equation 3.23, where Kp is the intercept from the linear fitting of

equation 3.11.

Q3 =

∫ ∞

qmax

Kp

q2
dq =

Kp

qmax

(3.23)

The total integrated intensity of the Kratky plot is given by the sum of these

three terms as shown in equation 3.24.

Q = Q1 +Q2 +Q3 =
Iqmin

qmin
3

2
+

∫ qmax

qmin

Iq2dq +
Kp

qmax

(3.24)

Number density

Number density describes the number of precipitates per unit volume. This gives

an indication of the precipitation status. When nucleation is dominant, the precip-

itation of new clusters leads to an increase of the number density. The growth of

precipitates does not change the number density. An plateau is, therefore, expected

when the growth of existing precipitates is in dominant. The coarsening process

relies on the dissolution of precipitates with sizes smaller than the critical value.

The released solutes are then contributed to the growth of precipitates with sizes

larger than the critical value. In the regime of coarsening, an decrease of the number
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density is expected.

The average number density can be estimated from the average radius and the

volume fraction. For spherical precipitates with an average radius of Rmean and a

volume fraction of Vf , the average number density is given by equation 3.25.

N =
Vf

4πR3
mean

3

(3.25)

3.7 Differential Scanning Calorimetry

Differential scanning calorimetry (DSC), which is classified as a thermal analysis

technique, measures the heat evolution during a controlled temperature program

[23]. The mechanism of DSC relies on monitoring the difference of heat that is

required for tested and referenced sample to reach the same temperature.

DSC has been extensively used in studying the phase transformation of alu-

minium alloys, especially the precipitation hardened series. Although DSC has the

capability to identify physical properties such as melting temperature, crystallisation

temperature and activation energy of an Arrhenius type reaction [23], this section

is mainly focused on the application of DSC on investigating precipitation in 7xxx

aluminium alloys, when most of the DSC experiments can be classified into the

following two purposes:

1. Identify the precipitation population in a pre-aged sample before entering a

controlled DSC heating program.

2. Investigate the precipitation evolution in a supersaturated or pre-aged sample

during a controlled DSC heating program.

In this thesis, all calorimetry experiments were conducted on a TA instrument

Q1000 machine. This equipment has a temperature range from -180 to 725 ◦C (when

cooling accessory is available) with an accurate temperature control of ±0.1 ◦C and

a fast heating rate up to 200 ◦C per minute. This machine also has a small furnace

which is ideal for a quick acceleration of the heating rate to limit the initial transient

period. For all calorimetry experiments presented in this thesis, pure aluminium was
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taken as the reference sample to correct the baseline drift. Detailed heating rate,

target temperature and isothermal holding time are provided in the relevant chapter.

3.7.1 Identification of precipitation

When DSC is used to identify the precipitation population in a pre-aged aluminium

alloy, the temperature program is usually set with a relatively fast heating rate

(e.g. 20 ◦C per minute) to avoid precipitation during the heating event in DSC.

Dissolution of precipitates is an endothermic reaction requiring additional energy

from the environment. For 7xxx aluminium alloys, a broadened endothermic peak

at temperature below 160 ◦C is associated to the dissolution of GP zones [24]. A

relatively narrowed endothermic peak at temperature around 180 ∼ 250 ◦C is usually

expected to be the dissolution of metastable η′ phase [24, 25, 26]. A widely broadened

endothermic peak above 300 ◦C corresponds to the dissolution of stable η phase

[24, 25, 26].

Studying dissolution peaks is not a simple task. Firstly, precipitates in alu-

minium alloys do not have clearly separated dissolution and precipitation peaks.

Particularly for GP zones, where there is a large overlap on the precipitation and

dissolution temperature range, it is rare to observe both peaks in one sample. Sec-

ondly, even for the same phase, the onset temperature of dissolution can be affected

by other factors. Large precipitates tend to have higher dissolution temperature

than small precipitates [25]. Faster heating rate shifts the peak to the higher tem-

perature [23]. These all add challenges to the interpretation of peaks. Thirdly, DSC

does not identify the phase involved in the phase transformation reaction [23]. For

a well-studied alloy system (such as 7xxx aluminium alloys), the temperature range

of each potential reaction can be found in literature or thermodynamic database.

For a new developed alloy system, other techniques, such as high resolution electron

microscopy and 3D atom probe tomography, are required to further characterise the

sample and provide conclusive information.

3.7.2 Investigation of precipitation evolution

When the main objective is to study the precipitation evolution during a thermal

event, DSC can be used to simulate this heating profile. In this case, a relatively
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slow heating rate (e.g. 5 ◦C per minute) is usually programmed to facilitate both

precipitation and dissolution. If the sample is supersaturated (e.g. solution heat

treated followed by water quenched ), the whole precipitation sequence can be stud-

ied from the beginning. The first peak is, therefore, expected to be the exothermic

precipitation peak of GP zones, which is usually at temperature below 120 ◦C. If the

sample has been pre-aged before the DSC scanning, the purpose is then to study

the evolution of these pre-existing precipitates.

DSC can also be applied to study the precipitation evolution during an isothermal

heat treatment. A fast heating rate (e.g. 30 ◦C per minute) is usually used to quickly

reach the target temperature. Afterwards, the sample is isothermally held at this

temperature for a period of time during which the heat flow signal is recorded.

Contradict to the traditional DSC plots where heat flow is shown as a function of

temperature, heat flow is plotted against time to study the kinetics of reaction(s)

at a specific temperature.

Figure 3.8: Estimating relative volume fraction of precipitates using DSC [27] (Copy-
right obtained from Springer Nature)

Vf =
ASSSS − Apre−aged

ASSSS − Apeak−aged

(3.26)

Both differential scanning calorimetry and isothermal calorimetry can be used to
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quantitatively study precipitation. The integration of the heat flow curve provides

information of the precipitate volume fraction. For differential scanning calorimetry,

Esmaeili et al. developed a simple method to calculate the relative volume fraction

of a pre-aged sample, as shown in figure 3.8. The integrated area of heat flow curve

between temperature T1 and T2 is assumed to represent the net heat evolution of the

overall precipitation and dissolution [27]. The precipitation process is assumed to

have been completed in the peak-aged sample. The as quenched sample is assumed

to be fully supersaturated without any precipitation. Equation 3.26 is used to

estimate the relative volume fraction of precipitation in a pre-aged sample [27].

ASSSS, Apeak−aged and Apre−aged are respectively the integrated area of as quenched,

peak-aged and pre-aged sample.

Figure 3.9: Measuring the evolution of relative volume fraction of precipitates using
isothermal calorimetry

Vf =
Sas−quenched − Spre−aged

Sas−quenched

+
S(t)

Sas−quenched

(3.27)

Apart from estimating the relative volume fraction of precipitate in the pre-

aged sample, it is also possible to identify precipitates pre-existed in the pre-aged

sample, if the temperature range of each dissolution peak is well studied. However,

it is difficult to obtain kinetics information from this method. For example, if the

evolution of the relative volume fraction during an ageing process is of interest,

multiple samples with different ageing time need to be prepared. In such case,
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isothermal calorimetry is the alternative option [27, 28]. The integration of heat

flow as a function of time represents the evolution of precipitate volume fraction.

As shown in figure 3.9, the whole integrated area of the as quenched sample is

assumed to be the measure of the maximum possible precipitation at temperature

T . With sufficient holding time t, the whole integrated area of the pre-aged sample

is assumed to be maximum remaining precipitation. The difference between them

reflects the precipitation in the pre-aged sample before entering into the isothermal

calorimetry. Equation 3.27 is used to estimate the evolution of the relative volume

fraction during the isothermal holding at temperature T . The first term of equation

3.27 represents the initial relative volume fraction of precipitate before entering into

the calorimetry. The second term considers the additional relative volume fraction

gained from isothermally ageing at temperature T with time t in the calorimetry. It

is clear in equation 3.27 S(t) is a function of time. Therefore, isothermal calorimetry

can provide a continuous measurement of the evolution of the relative precipitate

volume fraction at temperature T from a single sample, which is considerably more

efficient than using differential scanning calorimetry with multiple samples.

3.8 X-ray Diffraction - Line broadening

X-ray diffraction is a powerful technique in studying crystal symmetry where the

periodicity of atoms gives lattice structure. The underpinning scattering theory

is the same between SAXS and XRD, that X-rays can be elastically scattered by

electrons. The difference is that in XRD only waves that were scattered by lattice

planes and underwent constructive interference are of interest.

nλ = 2dsinθ (3.28)

Bragg’s Law (equation 3.28) defines the relationship between lattice spacing (d),

diffraction angle (θ), X-ray wavelength (λ), and diffraction order(n). When measur-

ing the scattering intensity as a function of scattering angle, diffraction peaks are

only visible when the scattering angle satisfies the Bragg’s condition. By analysing

these diffraction peaks, the crystallographic structure can be obtained.

Although an infinite crystal should theoretically result in only diffraction lines
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without widths at discrete diffraction angles, in reality, experimental diffraction

peaks are always broadened by instrument and specimen effects. The effects of the

instrument on peak broadening can usually be well-defined by using standard lan-

thanum hexaboride (such as LaB6). The specimen effects can be further classified

into the effect of crystallite size (finite crystals) and the effect of strain. In met-

als, there could be many sources of strain, such as dislocations, point defects, and

chemical heterogeneities [29]. Therefore, apart from being extensively used for phase

identification, XRD is also a powerful tool for defect analysis. In 7xxx aluminium

alloys, the diffraction peaks of strengthening precipitates are extremely weak due to

their small size and volume fraction. It is usually not an effective way to determine

the existence of these strengthening phases in the microstructure. In this study, we

are only interested in analyzing line defects using the strong diffraction peaks from

the aluminium matrix.

When dislocations are the major source of strain causing the lattice distortion,

the dislocation density may be estimated from analyzing the broadened diffraction

peaks. The modified Williamson-Hall plot (equation 3.29) can be used to evaluate

this effect on the full widths at half maximum (FWHM) [30]. By plotting ∆K as

a function of K
√
C and fitting a straight line, the slope is used to estimate the

dislocation density.

∆K =
0.9

D
+

πM2b2

2
ρ1/2K2C +O(K4C2) (3.29)

K is equal to 2sinθ/λ. D is referred as size parameter. C is the dislocation

contrast factor. ρ is the dislocation density. b is Burgers vector. M is a parameter

depending on the arrangement of dislocation. O is a higher-order term. C is the

dislocation contrast factor for each hkl diffraction (equation 3.30 [31]).

C = Cav[1− q(
h2k2 + h2l2 + k2l2

h2 + k2 + l2
)] (3.30)

Cav is the average dislocation contrast factor depends on the portion of screw and

edge dislocations. In most previous studies, it is assumed an equal amount of screw

and edge dislocations [30, 31, 32, 33]. For pure screw and pure edge conditions, the

dislocation contrast factor can be calculated using equation 3.31 [31].
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Ch00 = a[1− exp(
−Ai

b
)] + cAi + d (3.31)

Ai is the elastic anisotropy, as shown in equation 3.32 [31]. For aluminium at

room temperature, c11, c12 and c44 are summarised in table 3.4. In equation 3.31,

the value of a, b, c and d depend on the ratio of c12 to c44. In the case of aluminium

at room temperature, they are summarised in table 3.5 [31].

Ai =
2c44

c11 − c12
(3.32)

Table 3.4: Elastic constants of aluminium at room temperature [34]
c11 c12 c44

107 60.9 28.3

Table 3.5: The parameters a,b,c and d for equation 3.31 [31]
a b c d

Screw 0.1740 1.9522 0.0293 0.0662
Edge 0.2438 2.4243 0.0172 0.0816

As shown in equation 3.29, the reliability of this method is affected by the number

of data points. The best practice in a laboratory instrument with a CuKα radiation

gives 9 diffraction peaks in the 2θ range from 20◦ to 140◦. The miller indices of

these lattice planes, the calculated lattice spacing d and the calculated diffraction

angle 2θ are summarised in table 3.6.

Using modified Williamson-Hall plot to estimate dislocation density is limited by

the the parameter M in equation 3.29, which is not experimentally obtainable. Most

previous studies assume a constant value in the range from 1 to 2 for dislocation

density in the range from 1 × 1014 to 5 × 1015 [33, 35]. In this thesis for the purpose

of simplification,, M is assumed as 1. The interpretation of modified Williamson-

Hall plot is qualitative rather than quantitative.
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Table 3.6: Calculated diffraction peaks of aluminium (λ =0.15406nm, a
=0.40478nm)

2θ (◦) Miller indices Lattice spacing d(Å)

38.490 (111) 2.3370
44.742 (200) 2.0239
65.130 (220) 1.4311
78.268 (311) 1.2205
82.481 (222) 1.1685
99.147 (400) 1.0119
112.100 (331) 0.9286
116.656 (420) 0.9051
137.570 (422) 0.8263
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Abstract

High strength Al-Zn-Mg-Cu alloys such as AA7075 rely on precipitation to obtain

their properties, and the evolution of these precipitates can be strongly influenced

by deformation. In this study, the effect of warm stretching on precipitation in

supersaturated AA7075 was investigated. A dilatometer was used to enable rapid

quenching directly from the solution treatment temperature to the warm stretching

temperature. The evolution of precipitates was monitored using small angle x-ray

scattering (SAXS) and transmission electron microscopy (TEM). SAXS revealed the

presence of clusters only 5 s after quenching, and the subsequent evolution of the

microstructure involved the growth and coarsening of these clusters. Deformation

strongly enhanced the cluster/precipitate growth rate, which increased linearly with

increasing strain. A strain rate effect was also noted, with the growth rate being

faster at the higher strain rate for the same strain level. However, the acceleration

of growth with increasing strain rate was not sufficient to compensate for the re-

duced time, so that deformation at higher strain rate led to small precipitates (at

iso-strain). TEM revealed the precipitates to be homogeneously dispersed in the

matrix both with and without deformation. There was no evidence for enhanced

nucleation due to deformation, indeed the opposite was the case, with fewer but

larger precipitates observed in the deformed microstructure. The linear increase in

growth rate with strain is consistent with a dominant effect of excess vacancies in

enhancing diffusion rates.
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98 4.1. INTRODUCTION

4.1 Introduction

Strong aluminium alloys obtain their properties through the formation of a con-

trolled distribution of nano-scale precipitates. It is now well established that de-

formation can profoundly influence the evolution of these precipitates [1, 2, 3, 4].

The coupled effect of deformation and temperature on the precipitates in aluminium

alloys is particularly important in warm forming, creep age forming, high pressure

torsion, and fatigue, where strong dynamic interactions can occur [1, 2, 3, 5, 6, 7].

It has previously been demonstrated that the growth of a pre-existing precipitate

population can be greatly enhanced by warm deformation [2, 4]. In these studies,

a dominant role for strain induced excess vacancies was identified in enhancing

diffusivity [2, 3, 6, 8]. Excess vacancies are produced by the non-conservative move-

ment of jogs on dislocations, consuming a small portion of the applied mechanical

work [9, 10]. The excess vacancies influence diffusivity and other kinetic processes

governing precipitation [3]. Further details of the excess vacancy effect are given

elsewhere [11].

One important factor in determining which dynamic effects will be observed is

the initial microstructural state of the material and in particular the level of su-

persaturation at the deformation temperature. Most previous studies have focussed

on material deformed in a pre-tempered condition where there is an existing distri-

bution of precipitates [2]. Even in cases where the initial starting condition of the

material was solution treated and quenched, the natural ageing that occurs in alu-

minium alloys plus the rapid initial precipitate evolution during heating means that

significant changes will occur before deformation is applied [4]. In such cases, it has

been demonstrated that the main effect of deformation is to accelerate the growth

and coarsening of the existing precipitates rather than nucleate new particles. On

the other hand, at room temperature, it has been shown that cyclic deformation of

an initially supersaturated matrix leads to accelerated decomposition through the

nucleation of new GP zones [3, 6]. The significance of deformation on nucleation

versus accelerated growth of precipitates is not yet established for the industrially

important case of warm deformation, where the initial condition is strongly super-

saturated.
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A key aim of the present study was to investigate the effect of warm deformation

on precipitate evolution in a case where the initial matrix is as supersaturated as

possible. In an industrial context, this would be most relevant in a case where

forming occurs directly after solution treatment. To achieve this, the final solution

treatment and warm deformation must be performed in a combined process so that

precipitation does not occur between steps by natural ageing or during pre-heat.

4.2 Methodology

The material used in this study was 7075 aluminium alloy sheet of 1.5mm thickness

produced from commercially direct-chill cast and rolled plate, supplied in the F

temper (as fabricated) by Constellium Technology Center (France) with the nominal

composition shown in Table 6.1.

Table 4.1: Nominal composition of AA7075 in wt.%
Zn Mg Cu Si Fe Mn Cr Al

AA7075 5.6 2.5 1.6 0.2 0.25 0.15 0.23 Bal

Deformation and heating were performed using a TA Instruments DIL 805 A/D/T

dilatometer. This instrument allows accurate temperature control (to within 0.1◦C),

rapid specimen heating and cooling (up to 100◦C s−1 when working in the tension

mode) and controlled strain rates of up to 1 s−1. The sample geometry for testing

in the dilatometer is shown in Figure 4.1.

Prior to loading in the dilatometer solution heat treatment was first performed

at 480◦C in an air recirculating furnace for 1.5 h, followed by water quenching to

room temperature. This dissolves the large precipitates present in the F-temper

condition and reduces the time necessary to achieve a fully solutionized condition

in the dilatometer.

To reverse any undesired natural ageing during the transport and equipment

setup, specimens were subject to a second short solution treatment of 10 minutes

in the dilatometer itself at the same temperature of 480◦C (using a heating rate

of 10◦C s−1). Samples were subsequently gas quenched (using nitrogen) to 180◦C

followed by an additional 5 seconds holding to stabilise the temperature. The aim

was to minimize the precipitation that occurs before applying deformation.
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Two deformation strain rates were used, with an approximately order of magni-

tude difference. Average strain rates were calculated by fitting a linear function on

the strain-time plot. Nominal average strain rates of 7× 10−4 s−1 and 6× 10−3 s−1

were measured for slow and fast deformation. The evolution of the specimen elon-

gation was measured using push-rods, which was then converted into the true strain

variation, monitored throughout deformation. Tests were interrupted at different

values of plastic strain to study the dynamic precipitation evolution. Upon reaching

the target final strain, unloading and gas quenching were performed simultaneously.

The unloading was essential to prevent further plastic strain due to thermal con-

traction, and this was confirmed by monitoring the load on the specimen. Reference

samples were also produced in the dilatometer. These underwent exactly the same

thermal history, but without any deformation. To ensure no deformation due to

thermal expansion or contraction, the dilatometer was operated in load control and

the specimen was allowed to freely expand and contract as the temperature changed.

Figure 4.1: Test sample geometry used for dilatometer experiments. All dimensions
are in mm.

Figure 4.2 demonstrates an example thermal history for a sample solution heat

treated 10 minutes at 480◦C followed by gas quenching to 180◦C for tensile tests with

6 x 10−3 and 7 x 10−4 s−1 strain rate. The average quenching rates after solution

heat treatment and deformation were measured as 149 and 68◦C s−1 respectively.

Stable temperature control was obtained with ±0.9◦C standard deviation from the

target temperature throughout the test.

After dilatometer testing, all samples were stored at -23◦C in a freezer to prevent

any further precipitate evolution prior to being prepared for the SAXS measure-

ments.

Immediately before being dispatched for analysis, samples were taken from the
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Figure 4.2: The temperature profile of sample solution heat treated at 480◦C followed
by the deformation at 180◦C. Online version in color.

freezer. The grip area was removed using a Struers Accutom-5 precision cut-off ma-

chine with a feed speed of 0.05mm s−1, giving a total time of 4 minutes to remove

both grip sections. The gauge area was mechanically ground to 70µm thickness for

small-angle x-ray scattering (SAXS) characterisation. The time at room tempera-

ture between removal from the freezer and SAXS measurement was approximately 7

days. SAXS experiments were performed at DL-SAXS Diamond Light Source on a

Xeuss 3.0 instrument, which equipped an Excillium Gallium MetalJet x-ray source

providing 9.2keV energy and an Eiger 2 R 1M silicon detector with a pixel size of

75 microns. The camera length was selected as 0.5m to provide a useful scattering

vector range [0.009, 0.6] Å−1. The 2-dimensional scattering patterns of each sam-

ple were collected using a 600 s exposure time. Since the scattering patterns were

isotropic, the average results and standard deviations were calculated by doing a

circular average of scattering signals at each scattering vector q.

Analysis of the SAXS results was performed using procedures described in detail

in [12]. Briefly, from the SAXS data, the Guinier radius can be calculated using

the scattering vector q corresponded to the peak in the Kratky plot, as shown in

equation 4.1 [12, 1].

Rg =

√
3

qpeak
(4.1)

The relation between the Guinier radius Rg and true radius depends on the
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shape of the particles. With the hypothesis of spherical geometry at the early stage

of precipitation, which is considered reasonable for the precipitates in 7xxx alloys

[13] , the true radius can be estimated as
√
5/3·Rg. Further assuming the precipitate

composition is near constant, the volume fraction of precipitates is proportional to

the integrated intensity of the Kratky plot. The relative precipitate number density

can then be estimated by dividing the integrated intensity (as a proxy for the volume

fraction) by the average volume of individual precipitate. In the present study, the

morphology of small precipitates is close to spherical, which will be demonstrated in

TEM images later. Further considering Guinier radius as a good representation of

the average precipitate radius, the average volume of each precipitate is, therefore,

proportional to the cube of Guinier radius (Rg
3). The number density can then be

estimated by dividing the area of the Kratky plot by Rg
3.

Before producing the Kratky plot, Porod plots (Iq4 vs q4) were analysed to

identify the background noise caused by the Laue scattering of the disordered solid

solution and instrument noise [12]. This noise intensity was then subtracted from the

total scattering intensity. Further details of the use of SAXS to analyse precipitates

in aluminium alloys can be found elsewhere [12, 14, 15].

To complement SAXS and provide local and spatially resolved information about

the precipitates, transmission electron microscopy (TEM) was performed on samples

cut from the same ground specimens as for SAXS. Twin jet electropolishing was

performed at 15V and -40 ◦C in nitric acid and methanol solution (1:3 vol%) to

produce electron transparent areas. Afterwards, samples were further thinned by

using a Gatan precision ion polishing system (PIPS II) with Ar ions under dual beam

modulation with ±4◦ gun angles. The polishing sequence was set as 5 minutes at

1keV followed by 10 minutes at 0.5keV and finally 15 minutes at 0.1keV. TEM

was performed on a FEI Talos machine equipped with a X-FEG field emission gun

operating at an accelerating voltage of 200kV. All images were captured in bright

field mode with the diffraction patterns taken along <110>zone-axis to identify

the precipitate phase. On the bright field images, the precipitates were manually

selected and their projected area measured using ImageJ. This was used to calculate

the precipitate size as the radius of a circle of equal area. At least 100 precipitates

were analysed in each condition.
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4.3 Results

The stress-strain responses for specimens in all test conditions are shown in Fig-

ure 6.2(a). Slightly higher (< 20MPa greater) yield and flow stresses were recorded

for specimens deformed at the slower strain rate. Specimens deformed to different

levels of strain but under otherwise identical conditions show overlapping curves

as expected, demonstrating the high level of repeatability of the experiments. The

work hardening rate was calculated from the stress-strain data and is shown in

Figure 6.2(b). This demonstrates that there is no large difference between work

hardening rate at the different strain rates.
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Figure 4.3: (a) true stress-strain curves of samples deformed at 180◦C with different
strains and strain rates. (b) work hardening rate calculated from samples deformed
with 6× 10−3 and 7× 10−4 s−1 strain rate to 5% strain. Online version in color.

Figure 4.4 (a) and (b) show example bright field TEM images of the microstruc-

ture of the sample deformed to 12% strain with 7 x 10−4s−1 strain rate at various

magnifications. A fine and homogeneous distribution of nano-scale precipitates can

be seen, which are identified as η′ from the diffraction pattern (inset). In the low

magnification image (Figure 4.4(a)) some much larger particles are also observed

(10-100 nm in length) which are consistent with the size and morphology expected

for the E-phase (Cr rich) dispersoids [16].

As a comparison for the deformed case, the microstructure of the non-deformed

(but otherwise identically heat treated) material is shown in Figure 4.4 (c) and

(d). A similar microstructure and spatial distribution of precipitates is observed

as in the deformed sample (Figure 4.4 (a) and (b)). In the deformed sample the
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Figure 4.4: Bright field TEM images taken along <110>zone axis. (a)-(b) from the
sample deformed at 180◦C with 7 x 10−4 s−1 strain rate to 12% strain. (c)-(d) from
the sample having identical heat treatments as (a) and (b) but without deformation.

precipitates are slightly larger and more widely spaced than in the non-deformed

condition (compare (b) and (d)). From the TEM images, the morphology of small

precipitates is close to spherical. The average radius is 0.8±0.2 nm for the deformed

case, which is larger than 0.5± 0.2 nm for the non-deformed sample.

To obtain a quantitative comparison of the precipitate parameters as a function of

strain and strain rate, SAXS was used. This enables a larger and more statistically

significant volume of material to be investigated in a more efficient way than is

possible with the TEM. The results from the SAXS experiments are shown as Kratky

plots in Figure 4.5.

The x-axis of these plots shows the scattering vector (q), which is inversely

proportional to the precipitate size. A shift of the peak towards the left therefore

represents a growth in the modal average size. The area under each curve scales

104



4.3. RESULTS 105

0 0.2 0.4 0.6 0.8
0

1

2

3

4
10

-4

2%, 29s

5%, 71s

9% 129s

12% 171s

0 0.2 0.4 0.6 0.8
0

1

2

3

4
10

-4

2%, 3s

3%, 5s

5%, 8s

8%, 13s

0 0.2 0.4 0.6 0.8
0

1

2

3

4
10

-4

7x10
-4

s
-1

, 9%, 129s

6x10
-3

s
-1

, 8%, 13s

0 0.2 0.4 0.6 0.8
0

1

2

3

4
10

-4

7x10
-4

s
-1

, 2%, 29s

6x10
-3

s
-1

, 8%, 13s

0 0.2 0.4 0.6 0.8
0

1

2

3

4
10

-4

7x10
-4

s
-1

, 12%, 171s

Reference

0 0.2 0.4 0.6 0.8
0

1

2

3

4
10

-4

6x10
-3

s
-1

, 8%, 13s

Reference

(a) (b)

(d)(c)

(e) (f)

Figure 4.5: Kratky plots of SAXS results. (a) samples deformed with 7 × 10−4

s−1 strain rate. (b) samples deformed with 6 × 10−3 s−1 strain rate. (c) samples
deformed to approximately 9% strain. (d) sample deformed at 6× 10−3 s−1 for 13s
(longest time) and 7× 10−4 s−1 for 29s (shortest time) (e) sample deformed to 12%
strain at 7 × 10−4 s−1 strain rate, compared to equivalent non-deformed material.
(f) sample deformed to 8% strain at 6×10−3 s−1 strain rate, compared to equivalent
non-deformed condition. Online version in color.

with the volume fraction, under the assumption that the precipitate composition

is approximately invariant. Figure 4.5(a,b) show the evolution of the Kratky plot

with increased strain (which also means increasing time) for (a) the lower and (b)

the higher strain rate. As expected, increasing strain and time leads to a shift in

the curves to the left and upwards, representing both an increase in the average

precipitate size and volume fraction. The change is most pronounced at the lower

strain rate, noting that the time to reach each strain level is approximately 10 times

longer in this case. The changes over the much shorter duration of the higher strain

rate deformation are smaller, but still significant.

Figure 4.5(c) compares the plots from the higher and lower strain rate for the

case of a high level of strain (8-9%) and similar strain levels (near iso-strain). The
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lower strain rate and longer time condition has lead to more precipitate growth and

a greater volume fraction. Figure 4.5(d) compares the shortest time at the lower

strain rate with the longest time at the higher strain rate. Although the time at the

higher strain rate is slightly less than half that at the slower strain rate, the Kratky

plots for both conditions are very similar. Indeed, the faster strain rate but shorter

time has led to a slightly larger area under the curve and a shift in the peak towards

slightly larger particle sizes. This indicates that the higher strain rate is able to

partly compensate for the reduction in time, as will be explored in more detail later.

Figure 4.5(e) and (f) compare the Kratky plots at the highest strain (for lower

and higher strain rates respectively) with those for the reference (non-deformed)

condition heated for the same times. At the slower strain rate and hence longer

time, it can be seen that the deformation has had a strong effect in shifting the

peak upwards and towards larger particle size. At the faster strain rate, and hence

shorter time, the same trend is observed but is less pronounced.

These plots demonstrate that deformation plays a significant role in controlling

the precipitate evolution, but to understand this better it is necessary to decouple

the effects of strain, strain rate and time (since a lower strain rate necessarily means

a longer holding time at iso-strain).

Table 4.2: Guinier radius of deformed samples determined from SAXS
Strain rate (s−1) Strain (%) Guinier radius (pm)

6× 10−3

2 589 ± 1
3 590 ± 1
4 594 ± 2
5 599 ± 2
8 630 ± 3

7× 10−4

2 591 ± 2
5 602 ± 3
9 671 ± 3
12 771 ± 6

Figure 4.6 shows the effect of increasing time and strain on the evolution of the

Guinier radius and the growth rate (defined as the rate of change of Guinier radius

with time). Firstly, the precipitate size determined from SAXS using Equation 4.1 is

summarised in Table 4.2, which can be compared to the precipitate size determined

from TEM. After deforming at a slow strain rate (7× 10−4 s−1) to 12% strain, the

measured Guinier radius of the precipitates was 0.77± 0.06 nm, which is equivalent
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to a true radius of 1.0± 0.1 nm. This is in close agreement with the average radius

measured from TEM images (0.8 ± 0.2 nm). Some discrepancy is expected due to

the difference in how precipitates are detected in SAXS and TEM [15].

The effect of deformation on the evolution of average precipitate size can now

be considered. Figure 4.6(a) shows clearly an effect of deformation on the change

of Guinier radius with time. In both higher and lower strain rate cases, the dif-

ference between the deformed and non-deformed case becomes greater as the time

(and hence strain) increases. By plotting the Guinier radius as a function of strain

(Figure 4.6(b)) it can be seen that at low strains (< 5%) both higher and lower

strain rates show a similar trend, but at high strains (>5%) the Guinier radius for

a slower strain rate exceeds that at a higher strain rate (at iso-strain).
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Figure 4.6: (a) Evolution of Guiner radius for the slower (7 × 10−4 s−1) and faster
(6× 10−3 s−1) strain rates compared with the non-deformed case with (a) time, (b)
strain. Calculated growth rate for faster and slower strain rates compared with the
non-deformed case plotted as a function of (c) time, (d) strain. Online version in
color.

Plotting the growth rate (Figure 4.6(c,d)) more clearly highlights the differences

between the cases. For the non-deformed condition, the growth rate is very low
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across the whole time period and falls slightly with increasing time. For both higher

and lower strain rate deformed cases, the growth rate increases with time and strain.

The change in growth rate with time is approximately linear. The gradient of these

lines gives growth acceleration, which can be seen to be approximately 30 times

higher in the case of the higher strain rate compared with the lower strain rate.

Although this difference is large, it is not sufficient to compensate for the reduction

in time at higher strain rate. For example, for the Guinier radius to reach the

same value at higher strain rate compared to lower strain rate (at iso-strain) the

acceleration of the growth rate at the higher strain rate would have to be 73 times

that at the slower strain rate (
ε̇fast
ε̇slow

2
). This is because the amount of growth is

related to the acceleration of growth rate multiplied by the square of the time.

The change in growth rate with strain can also be plotted as a function of

strain (Figure 4.6(d)). This demonstrates that the higher strain rate does lead

to a greater increase in the growth rate for a given level of strain, and the increase

is approximately linear (within error). The increase in growth rate with strain (the

best-fit gradient of these lines) is shown, and in the higher strain rate case this

is 3.4 times greater than in the slower strain rate case. As previously noted, this

is insufficient to compensate for the reduction in time at the higher strain rate

(
ε̇fast
ε̇slow

= 8.6).

Figure 4.7(a, b) shows the evolution of integrated intensity with time and strain

respectively. This is taken as a proxy for the relative volume fraction of precipitates.

These plots show similar behaviour to that already discussed for the evolution of

Guinier radius, reflecting an accelerating effect of deformation on volume fraction

increase, which is greater at the higher strain rate. Close inspection, particularly

of Figure 4.7(b), shows that there is an important difference between the size and

volume fraction evolution in the early stages of deformation (strains<3%), especially

noticeable at the higher strain rate. Unlike the Guiner radius, which increases from

the start of the test, the integrated intensity does not initially increase (indeed,

it decreases slightly). This suggests that initially the volume fraction does not

increase, even though the average precipitate size does. Possible explanations for

this behaviour are discussed in detail later. The integrated intensity for the non-

deformed case increases only very slightly over the full duration of the test.
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Figure 4.7: (a) Evolution of integrated intensity (assumed proportional to volume
fraction) for the slower (7×10−4 s−1) and faster (6×10−3 s−1) strain rates compared
with the non-deformed case with (a) time, (b) strain. Derived evolution of relative
precipitate number density for faster and slower strain rates compared with the non-
deformed case plotted as a function of (c) time, (d) strain. Online version in color.

Since precipitate size, volume fraction, and number density are all related it is

possible to estimate the evolution in relative number density, assuming that the

integrated intensity provides a good proxy for the relative precipitate volume frac-

tion. The relative number density evolution calculated in this way is plotted in

Figure 4.7(c,d) against time and strain respectively. These plots show that whilst

the number density for the non-deformed case remains approximately constant, in

the deformed case the number density decreases, and this decrease is most rapid

after a strain of approximately 5% is exceeded (for both strain rates). This suggests

that all of the precipitates or clusters that cause the scattering in SAXS are present

at the start of the experiment (after quenching and a very short 5 s hold prior to

deformation) and that new nucleation does not lead to a significant increase in the

number density of these objects.
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4.4 Discussion

The purpose of this study was to investigate the effect of warm deformation on

precipitate evolution in an aluminium alloy starting from an initially supersaturated

condition. This can be compared with previous work where the effect of deformation

on a pre-existing precipitate distribution formed by pre-ageing has been studied [2].

One key objective was to determine whether a supersaturated starting condition

would lead to a strong effect of deformation on precipitate nucleation under warm

deformation conditions.

Considering first the non-deformed material, it was found that clusters were al-

ready detected after the quench and initial stabilisation hold (5 s at 180◦C) and

these clusters evolved only slightly during the subsequent hold (up to 200 s). The

measured Guinier radius of approximately 0.56 nm is consistent with previous stud-

ies of cluster size during initial aging of similar alloys [17] and corresponds to a

cluster containing around 40–70 atoms (assuming a 1:1 Zn to Mg ratio [17]). The

initial clustering process is therefore very rapid, itself probably assisted by the high

quenched in vacancy concentration, which at 180◦C is expected to be 10 times higher

than the equilibrium concentration [17, 18].

These initial clusters were also present in the deformed case before stretching

was applied. Therefore, the subsequent evolution of the microstructure appears to

be mainly determined by the effect of deformation on these pre-existing clusters

rather than a significant effect in leading to nucleation of new clusters. This can be

seen from the inferred number density plots, which show that deformation leads to

a reduction rather than an increase in number density.

Deformation has been shown to strongly affect the size evolution of the clusters,

and this is influenced by both strain and strain rate. The higher strain rate leads to

an increase in the mean precipitate growth rate, but this is insufficient to compensate

for the shorter time at higher strain rate. Therefore, for a given level of strain, the

faster strain rate leads to a slightly smaller average precipitate size than the slower

strain rate, and this difference increases with increasing strain. At the early stages

of deformation, particularly in the highest strain rate case, the total volume fraction

of clusters falls slightly, associated with a reduction in their number density. This
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may be due to dislocation cutting, causing break up of some of the smaller clusters,

with the solute eventually diffusing or being ballistically transported to grow the

larger and more stable clusters.

Previous studies have demonstrated that the effect of deformation in similar

aluminium alloys can be interpreted mainly by a consideration of the effect of the

excess vacancies generated by non-conservative motion of jogs on gliding disloca-

tions. For the temperature and strain rate regimes considered in this study, this

effect is expected to be far more significant than direct precipitation on disloca-

tions. TEM provides direct evidence that this is the case since it can be seen that

precipitates are quite homogeneously distributed and most are not generally aligned

along dislocations or associated directly with them. In addition, a direct effect of

the dislocations should produce a negative strain rate sensitivity [1], which is not

observed in this work.

Full details of the excess vacancy effect on deformation enhanced precipitate

evolution, and the models to capture this, are considered in detail elsewhere [11].

In the present work, a model is used which is based on an adaption of a framework

developed by Militzer et al. for steels [19], to understand if the excess vacancy effect

can explain the observed results.

To summarise this model briefly, it is based on the idea that excess vacancies

are created by jogs on gliding dislocations. These excess vacancies can enhance any

vacancy mediated process such as substitutional diffusion. Since these vacancies are

in excess of the equilibrium thermal vacancy concentration they seek to annihilate,

which they will do at sinks such as dislocations and grain boundaries. The total

excess vacancy concentration will therefore be controlled by the balance between

creation and annihilation mechanisms.

The rate of excess vacancy production can be calculated from this balance. Ne-

glecting the effect of thermal jogs and annihilation of excess vacancies at grain

boundaries, which are insignificant for the conditions studies here [11], the excess

vacancy production rate is given by:

dcex
dt

= K1σϵ̇−K2 exp

(
−Qm

kT

)
ρDcex (4.2)

The first term is the excess vacancy generation rate, which is simply a proportion
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of the applied plastic work (determined by the constant K1). The second term is

the excess vacancy annihilation rate, which is a function of temperature, the forest

dislocation (sink) density ρD and the excess vacancy concentration itself cex, scaled

by a constantK2. Other source and sink terms can be considered [19], but in the case

of aluminium under the conditions studied here, they are of low significance. This

equation was previously fitted to literature data from in-situ studies of precipitate

growth evolution during deformation of a similar 7xxx alloy, and the constants K1

and K2 relevant to this case were determined [11]. A complicating factor is that

not only are the excess vacancies evolving during deformation, but so is the sink

dislocation density. This is included in the model through a simple and widely

used empirical law in which the dislocation density increases from an initial to a

saturation value [11].

Figure 4.8 shows the predictions of this model for (a) lower and (b) higher strain

rate studied here. These plots show the total excess vacancies created (the integral

of the first term in equation 4.2), the total excess vacancies annihilated (the inte-

gral of the second term in equation 4.2) and the resultant overall excess vacancy

concentration. Also shown is the prediction of the evolving dislocation density. At

both strain rates, it can be noted that steady-state has not been reached, either in

the evolving dislocation density or in the excess vacancy concentration. Although

this model is not expected to be accurate, the result is consistent with the exper-

imentally measured stress-strain curves which show positive work hardening even

at the end of the tests. In addition, the model suggests that at both strain rates,

but particularly at the highest strain rate, the annihilation term is much smaller

than the creation term across the whole strain range, so that the excess vacancies

accumulate with increasing strain.

In both cases, the excess vacancy effect is far from reaching the steady-state

that will eventually become established once the creation and annihilation rates

reach a point of balance. This is consistent with previous in-situ work on the effect

of deformation on the growth of pre-existing precipitates in aluminium alloys, where

the results were explained assuming excess vacancy annihilation was negligible [2].

Note that this depends strongly on temperature and total applied strain; at higher

temperature or higher cumulative strain the annihilation rate increases and eventu-
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Figure 4.8: Calculated evolution of dislocation density and excess vacancy concen-
tration at 180◦C for (a) slower strain rate 7 × 10−4 s−1 , (b) higher strain rate,
6× 10−3 s−1. Online version in color.

ally a steady-state is established, which is a function of the temperature and strain

rate [11].

To explore whether the excess vacancy concentration effect alone could explain

the acceleration of growth rate seen with deformation, these two variables were

plotted together, as shown in Figure 4.9 for both lower (a) and higher (b) strain

rates. Although the number of experimental data-points is limited, it can be seen

that in both cases the measured growth rate correlates well with the predicted excess

vacancy concentration. At the higher strain rate, the correlation is less good, and

there is a misfitting point, but there is significant uncertainty in the measurements.

An important point to note is that this good correlation can only be obtained by

re-scaling the growth rate axis from the lower to higher strain rate case. This is

because application of equation 4.2 predicts that the excess vacancy concentration is

relatively insensitive to strain rate in the regime of interest here (where annihilation

is almost negligible) and depends only on the accumulated strain. Therefore, the

expectation from the model is that the growth rate increase should be approximately

independent of the strain rate. However, the experimental results clearly show there

is a strain rate effect, with the growth rate increasing 3.4 times more for a given

strain increment in the higher strain rate case compared to the lower strain rate

case (Figure 4.6(d)).

The results from this study can be compared with those of Deschamps et al.[2]
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Figure 4.9: Measured growth rate and predicted excess vacancy concentration for
(a) slower strain rate 7 × 10−4 s−1 , (b) higher strain rate, 6 × 10−3 s−1. Online
version in color.

who investigated a similar 7xxx alloy but in pre-aged conditions so that there was an

initial precipitate population with mean radius of approximately 2 nm. In addition,

the range of strain rates used in their study was approximately 10−5 to 10−4s−1 and

the deformation/ageing temperature was lower at 160◦C. Consistent with the present

work, they noted an enhancement in precipitate growth rate due to deformation.

Growth rates of 6–7 times that in the non-deformed state were observed, which

is similar to the growth rate enhancement observed at the higher strain rate and

highest strain in the present study. Furthermore, they observed a linear increase

in the growth rate with strain, as seen here. No simple monotonic effect of strain

rate on the growth enhancement was found in [2] although there was observed to

be a factor 3 difference between the greatest and least enhancement at different

strain rates, which is similar to the difference obtained here. Deschamps et al. also

demonstrated that their results were consistent with the excess vacancy effect and

that dislocation pipe diffusion can only make a small contribution [2].

The excess vacancy model is therefore successful in explaining much of the be-

haviour observed in the present study and previous work. It correctly predicts the

strong enhancement of growth rate with increasing strain, based on the direct re-

lation between excess vacancies and solute diffusion rates. Even when the initial

condition was achieved by rapid quenching from the solutionized state, the initial

clustering is so rapid (at least at 180◦C) that in all practical cases the effect of defor-
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mation can be understood through its acceleration of growth and coarsening of the

initial clusters, rather than an enhancement of nucleation. However, it is also clear

that the excess vacancy model ignores some of the complexity of dynamic effects,

hidden in the constants K1 and K2, which for quantitative predictions require recal-

ibrating for each temperature and strain rate. These limitations include neglecting

the capture of excess vacancies by mobile dislocations, the effect of precipitates on

dislocation motion, the dynamic recovery of the forest dislocations into cells, and

the heterogeneous distribution of strain. Such effects would likely require a complex

dislocation dynamics/precipitate interaction model to capture faithfully.

4.5 Conclusions

This study investigated the effect of deformation on precipitate evolution in AA7075

under warm conditions for the situation where the initial supersaturation of solute

is at a maximum in the matrix. To achieve this, experiments were performed in a

dilatometer that allowed rapid heating and cooling along with deformation under

well controlled conditions. The following conclusions may be drawn from this work:

1. SAXS reveals that small solute clusters are present only 5 s after quenching

from solution treatment to the test temperature (180◦C).

2. The evolution of these clusters/precipitates is strongly affected by deformation.

This is consistent with an effect on cluster growth rather than nucleation of

new clusters or precipitates.

3. The precipitates formed during deformation are homogeneously distributed

within the matrix. There is no evidence from either TEM or SAXS that

deformation enhances the nucleation of new precipitates at the warm stretching

temperature used in this study (180◦C).

4. Deformation at a faster strain rate leads to a greater average cluster/precipitate

growth rate at a given level of strain. However, the acceleration of growth rate

with increasing strain rate is not sufficient to compensate for the reduction in

time to reach a certain strain level. As a result, for a given strain, the final

precipitate size is smaller after deformation at the higher strain rate.
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5. A simple excess vacancy model can predict the observed linear increase in

growth rate with strain. However, the model does not correctly predict the

apparent strain rate effect observed in this study, suggesting it is an incomplete

description of the complex interactions that occur between deformation and

precipitation.
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Abstract

High strength AA7xxx are attractive for use in the automotive industry, offering sig-

nificant strength/weight benefits. These alloys are often used in tempers that require

long ageing times of several hours. Pre-ageing has been proposed to be effective in

suppressing natural ageing, and reducing the total ageing time by integrating the

final ageing step into the paint bake cycle. However, the precipitate evolution during

the pre-ageing and subsequent paint bake processes remains to be fully understood.

In the present work, the pre-ageing process was studied for AA7075 over a wide

range of temperatures and times. Small angle X-ray scattering (SAXS) was used as

the main technique to investigate the precipitate evolution during the pre-ageing,

natural ageing and paint bake, with the support from transmission electron mi-

croscopy (TEM) and isothermal calorimetry. For the first time, the results show

that 8 hours pre-ageing at 80 ◦C can produce a microstructure consisting of GP

zones with an average radius of approximately ∼0.9 nm, which remains stable up to

at least 7 months. After a short paint bake process, 94% of the T6 hardness can

be obtained by uniformly distributed precipitates with an average radius of approx-

imately ∼2.6 nm. The final size and strengthening effect of the precipitates after 20

minutes baking is found to be insensitive to the heating rate, which has not been

reported previously. The present results further suggest this process is robust for

industrial application.
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5.1 Introduction

High strength 7xxx alloys (Al-Zn-Mg-Cu) offer a greater specific strength than al-

loys from the 5xxx and 6xxx families and are thus of considerable interest to the

automotive industry for the production of lightweight body structures. The high

strength of these alloys is achieved by uniformly distributed nano-sized precipitates

in the matrix. Ageing leads to a simplified precipitation sequence from GP zones to

η′ phase and finally to the equilibrium η phase [1, 2, 3]. Peak strength (the T6 con-

dition) is achieved from a dispersion of small (<5nm radius) η′ precipitates, which

is traditionally achieved by a long (24 hr) ageing treatment at moderately elevated

temperature (120 ◦C) [3, 4, 5, 6]. Commonly, these alloys are also slightly overaged

by an additional heat treatment step to produce various T7 tempers, which results

in improved resistance to environmentally assisted cracking, albeit at the expense

of some strength [7, 8, 9]. In the aerospace industry where high strength 7xxx are

most widely used, these heat treatment processes are performed at the material

supplier, with the material provided in the final temper state. They are then manu-

factured into the final part, usually by machining, so that formability is not a prime

consideration [10, 11].

In the automotive industry, sheets need to be formed into complex shapes to

make car body panels and other components. The initial temper condition plays an

important role in controlling formability. The material in the stable peak aged con-

dition (T6) has severely limited room temperature formability [12, 13, 14]. To over-

come this problem, elevated temperature forming of AA7075-T6 at around 200 ◦C

can be used [6, 12], but this leads to the partial dissolution and coarsening of the

strengthening precipitates. Although the high strength can be preserved, it is partly

relying on the dislocation strengthening [6]. Forming can also be performed above

the precipitate solvus temperature, which combined with rapid quenching (e.g. the

HFQ®process [15, 16]), can retain the solutes in the matrix for precipitation during

a subsequent ageing heat treatment. In these cases, the carefully developed precip-

itate distribution created by the T6 temper is destroyed, and a long post-form heat

treatment may be needed to restore T6 properties [17, 18].

On the other hand, material supplied in the W temper (after solution treatment
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and quenching, but before any ageing) is also problematic since in this condition

the alloy is unstable and will naturally age quickly over several months [19, 20].

The room-temperature formability will depend on the extent of the natural ageing

process, as will the final properties achieved after post form ageing (necessary to

reach the T6 condition). A promising strategy is to use a pre-ageing (underaged)

treatment, applied at the material supplier, to stabilize the microstructure whilst

retaining good formability. This strategy is used for 6xxx alloys, where natural

ageing has a negative effect on subsequent artificial ageing response [21, 22, 23,

24]. A post-forming ageing treatment is then applied to bring the material to the

T6 condition. In principle, this post-form ageing could be significantly reduced

in duration since the initial precipitate distribution is established during the pre-

ageing process [24, 25, 26, 27]. Ideally, the post-form ageing could be achieved by

integrating into an existing process, such as the paint bake heat treatment, as is

done for 6xxx alloys [27, 28, 29].

Recently, pre-ageing methods have been demonstrated to effectively improve the

room temperature stability of underaged 7xxx aluminium alloys [14, 20, 30, 31, 32].

Generally, pre-ageing has been conducted at around 120 ◦C with times varying from

30 minutes to 12 hours. Pre-ageing effects have been studied for both low Cu,

moderate strength 7xxx alloys (e.g. AA7021) and the higher strength, high Cu

7xxx alloys (e.g. AA7075). Kumar and Ross [30] reported that pre-ageing process

of W temper AW-7021 sheet can stabilize the alloy at room temperature for two

weeks. Österreicher et al. [31] reported that applying pre-ageing immediately after

the solution heat treatment can inhibit the natural ageing of AA7021 and AA7075

for three weeks. They also found that after pre-ageing, the paint bake response of

AA7075 was improved, with the yield strength close to the T6 peak-aged condition.

The development of pre- and post-form ageing practices to date has been mainly

empirical in nature, based around optimising the final product strength [14, 20, 30,

31, 32, 33]. There remains a limited understanding of the interaction of the pre-

ageing, forming process, and post ageing on the precipitate evolution and hence on

the likely overall material performance. Furthermore, a better understanding of the

fundamental microstructural changes occurring during each step is likely to inspire

new strategies to both improve properties and reduce process times.
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The present study aimed to establish relationships between the pre-aged mi-

crostructure and final precipitate distribution in a commercial 7075 aluminum alloy

by performing a detailed characterization of precipitate evolution under a range of

pre-ageing conditions and studying microstructural evolution during a simulated

paint bake cycle. Although the quench sensitivity and corrosion resistance of 7075

may not be as remarkable as other 7xxx alloys like 7050 and 7085, exploring the

microstructure and precipitation behaviour of this well-established commercial alloy

system can serve as a benchmark for developing comparable pre-ageing approaches

for other 7xxx series alloys. The study demonstrated that by optimizing the pre-

ageing practice, the natural ageing of AA7075 can be effectively stabilized up to at

least 7 months, while still achieving higher strain to failure than the traditional T6

temper. After a short paint bake process, 94% of the T6 strength can be obtained

by uniformly distributed precipitates.

5.2 Methodology

7075 aluminium alloy sheets of 1.5mm thickness with approximate composition (Zn-

5.6wt% Mg-2.5wt% Cu-1.6wt% Al balance) were supplied by Constellium. These

sheets were industrially manufactured by direct chill casting and homogenisation

followed by hot and cold rolling reduction, and supplied in the as fabricated condition

(F-temper). Samples were cut from these sheets into 1 cm2 squares. Solution heat

treatment was performed by placing samples in a pre-heated air circulating furnace

at 480 ◦C for 1 hour followed by water quenching to room temperature.

To study the effect of pre-ageing time, the solution heat-treated samples were pre-

aged isothermally at 80 ◦C for 1, 2, 5 or 8 hours followed by water quenching. Based

on these results, 8 hours was chosen for the following isochronal pre-ageing study. To

study the pre-ageing temperature effect, after solution heat treatment, the samples

were immediately pre-aged at 40 ◦C, 60 ◦C, 80 ◦C and 100 ◦C for 8 hours followed

by water quenching. The samples were kept in the freezer at -23 ◦C overnight for

16 hours before applying the bake hardening which was performed isothermally at

185 ◦C for 20 minutes followed by water quenching.

The paint bake response investigation was performed on samples pre-aged 8
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hours at 80 ◦C. Two different heating rates were selected to study the effect of

heating rate on the precipitation behaviour. The faster heating rate was achieved

by putting the samples in the pre-heated furnace, which gave an average heating

rate of 99 ◦C/minute recorded by a thermocouple on the specimen in the furnace.

The slow heating rate was achieved by heating the furnace from room temperature

to 185 ◦C, giving a measured heating rate of 6.9 ◦C/minute.

Vickers hardness was measured immediately after each step of the heat treat-

ment, 10 measurements were taken in each case with 0.5 kgf force and a 10 s dwell,

from which the mean and standard deviation were calculated.

Lab-based small-angle X-ray scattering was performed on a Bruker Nanostar

modified with motorised scatterless slits and Genix 3D microfocus CuKα (1.54 Å,

∼7.8 keV) source by Xenocs to study the samples in pre-aged conditions. A CCD

camera was used to collect the scattering signals in the scattering vector range [0.01,

0.6] Å−1. The exposure time was set as 300 seconds for all lab-based SAXS mea-

surements. In order to compare results between different samples, the intensity was

calibrated to correct for differences in the transmission coefficient, sample thickness

and X-ray exposure time.

Synchrotron SAXS was performed at the beamline I22, at the Diamond Light

Source to study the evolution of precipitates during the paint bake process. The

benefits of using synchrotron SAXS are a highly monochromatic source, fast data

acquisition time and the flexible camera length which can measure a much wider

size range and also allows the direct comparison between pre-aged and paint baked

samples. The experiment was conducted at 12.4 keV monochromatic X-ray energy

with ±0.125 eV energy stability and 299× 69 microns measured FWHM (full width

at half maximum) focal size. The photon flux at this energy level was measured as

3.97×1012 photons per second [34]. Scattering patterns were collected as 100 frames

of 100 milliseconds each, with a Pilatus P3-2M silicon hybrid pixel detector with 172

microns pixel size, which is located 3 meters away from the sample. The accessible

scattering vector range was [0.004, 0.47] Å−1. The average scattering results, after

removing the background, are presented in this study.

From the SAXS results, the Guinier radius can be calculated by considering the

scattering vector q related to the peak in the Kratky plot, as shown in equation 5.1.
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The relation between the Guinier radius and true radius depends on the shape of

the particles. For spherical geometry, the true radius can be calculated as
√

5/3 ·

Rg. Assuming the precipitate composition is near constant, the precipitate number

density can be estimated by using the integrated peak area of the Kratky plot over

(Rg)
3. The details of the data analysis method can be found elsewhere [35, 36, 37].

Rg =

√
3

qpeak
(5.1)

Differential scanning calorimetry was performed on a TA instrument DSC Q1000

machine using 30 ◦C/minutes heating rate followed by an isothermal hold, with pure

aluminium as the reference. Isothermal calorimetry can be taken as a complementary

method to study the volume fraction evolution of the precipitates [38, 39, 40]. The

exothermal peak is related to the precipitation process. Thus, the evolution of heat

flow can be used to study the precipitation kinetics. The relative volume fraction

was calculated from the areas under the DSC curves as discussed later. To determine

the relative precipitate volume fraction in the pre-aged condition, isothermal DSC

was also performed on a specimen that had been resolutionized at a temperature of

480 ◦C for 1 hour, followed by water quenching. This sample was assumed to contain

no precipitates, and so provides a benchmark for full precipitation at 185 ◦C, which

was used to estimate the normalized precipitated volume fraction in the pre-aged

condition as demonstrated later.

Transmission electron microscope (TEM) images were taken to support the pre-

cipitates size measurement from the SAXS results and provide detailed information

on the microstructure. This was performed on a FEI Tecnai G2 F30 machine. The

samples for TEM imaging were ground to 80µm thickness followed by twin jet elec-

tropolishing at 15V and -40 ◦C in nitric acid and methanol solution (1:3 vol%). Af-

terwards, the samples were further thinned by using a Gatan precision ion polishing

system (PIPS II).

Tensile specimens with 32mm gauge length along the rolling direction and 6mm

width were prepared with two initial temper conditions (pre-aged 8 hours 80 ◦C

and peak-aged 24 hours 120 ◦C). Uniaxial deformation at room temperature was

performed on an Instron 5569H1549 machine with a strain rate of 10−4 s−1 to fail-

ure. The plastic strain was mapped using commercial digital image correlation

125



126 5.3. RESULTS

(DIC) software LaVison DaVis 10 [41]. The strain hardening exponent (n) from

Ludwik-Hollomon equation and plastic strain ratio (r) were calculated to compare

the formability difference between pre-aged and peak-aged samples [42, 43].

5.3 Results

5.3.1 Isothermal/Isochronal pre-ageing

Figure 5.1 shows the effect of pre-ageing time for isothermal pre-ageing at 80 ◦C. This

temperature was chosen since previous studies suggest it provides a good balance of

formability after pre-ageing, but rapid hardening response during paint-baking. The

validity of this assumption will be demonstrated later. As shown in figure 5.1(a),

the hardness increased rapidly in the first two hours of pre-ageing. After 5 hours,

the hardness becomes relatively stable. A similar increasing trend was observed in

the SAXS results as shown in figure 5.1(b). The number density estimated from

SAXS results further indicates the growth of precipitates dominates the increase in

integrated intensity rather than nucleation of new particles.
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Figure 5.1: (a) Microhardness evolution of samples pre-aged at 80 ◦C and after
pre-ageing plus simulated paint-bake for 20 minutes at 185 ◦C (b) Guinier radius,
integrated intensity and number density as a function of pre-ageing time at 80 ◦C
Integrated intensity and number density are normalised to their maximum value
to bring the data in to the range [0, 1]. Error bars correspond to one standard
deviation.

The hardness measured both directly after pre-ageing for a range of temperatures

and after subsequently simulated paint-baking is shown in figure 5.2. The SAXS
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Figure 5.2: Microhardness of samples pre-aged 8 hours at 40, 60, 80 and 100 ◦C
and after pre-ageing plus simulated paint-bake for 20 minutes at 185 ◦C. Error bars
correspond to the standard deviation.

results of the pre-aged samples are presented and summarised in figure 5.3.
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Figure 5.3: (a) Kratky plot of SAXS results of samples pre-aged 8 hours at 40, 60, 80
and 100 ◦C. (b) Guinier radius, integrated intensity and number density correspond
to samples in (a). Integrated intensity and number density are normalised to their
maximum value to bring the data in to the range [0, 1]. Error bars correspond to
one standard deviation.

Figure 5.2 shows that as the pre-ageing temperature increases, the pre-aged

hardness also increases, which is consistent with the increase in the extent of precip-

itation measured by SAXS as shown in figure 5.3. After paint baking, the hardness

is further increased by additional precipitation. As expected, for a lower pre-ageing

temperature, the hardness increases more during the paint baking step than at a

higher pre-ageing temperature. This leads to a convergence of hardness values after
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the simulated paint-bake. However, although the hardness values converge after

the paint bake, they are not identical. A higher temperature pre-ageing treatment

(80 ◦C or 100 ◦C) leads to a significantly greater final hardness, especially compared

with pre-ageing at 40 ◦C. The measured hardness of the material in the standard

T6 temper was 191±2HV. This means that the highest hardness observed for the

pre-age and paint-bake treatments studied here achieved 94% of the T6 hardness.

The isochronal pre-ageing study confirmed that 80 ◦C provides a good compro-

mise for the pre-ageing step, since the aim is to avoid too much hardening during

pre-ageing which may negatively impact formability, whilst ensuring that sufficient

hardening can be achieved during the paint bake so the alloy approaches its maxi-

mum T6 strength. An 8 hr pre-heat at 80 ◦C was therefore selected for the remainder

of the study.

5.3.2 Optimised pre-ageing process

True stress-strain plots for pre-aged and T6 material are shown in figure 5.4. The

proof strength, UTS, and true strain to failure of 394MPa, 673MPa, 0.18 respec-

tively can be compared against those reported for the same sheet in the T6 temper

(545MPa, 689MPa, 0.16). It can be seen that the pre-aged material has lower yield

stress and greater elongation to failure. Larger strain hardening exponent and plas-

tic strain ratio than the material in the T6 temper were also observed as summarized

in figure 5.4. The higher work hardening rate and greater elongation to failure of

the pre-aged material suggest it will have greater formability than the T6 material,

as expected.

The stability of the pre-aged material was determined by long term natural

ageing at ambient temperature. Figure 5.5 shows the hardness and Guinier radius

remain stable up to at least one month and has only increased slightly from 155Hv

to 165Hv and from 0.91 nm to 0.95 nm after 222 days (7 months). This confirms

that the pre-ageing temper is effective in limiting natural ageing and stabilizing the

alloy properties.

The microstructure after pre-ageing was revealed by the bright field TEM and

HRTEM images in figure 5.6. The images were taken using a <110>zone axis.

Spherical GP zones with their diameter around 2 nm were observed, which supports
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120 ◦C) samples.
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Figure 5.5: (a) Microhardness evolution, (b) Guinier radius, integrated intensity and
number density evolution of the preaged sample (80 ◦C 8 hours) during the following
7 months natural ageing. Integrated intensity and number density are normalised to
their maximum value to bring the data in to the range [0, 1]. Error bars correspond
to one standard deviation.

the SAXS measurement of 0.9 nm Guinier radius (1.2 nm true radius).

5.3.3 Paint bake response of samples preaged 8 hours at

80 ◦C

An important consideration in understanding the paint bake response is the effect

of heating rate. In an assembled vehicle going through the drying process of the

cataphoretic coating, the heating rate could vary from position to position [44, 45,

129



130 5.3. RESULTS

Figure 5.6: (a) Bright field TEM and (b) HRTEM images taken from the sample
pre-aged at 80 ◦C 8 hours in <1 1 0>zone axis showing the existence of small GP
zones.
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Figure 5.7: Microhardness evolution of pre-aged samples baking at 185 ◦C 0-25
minutes with fast and slow heating rates, compared to the original pre-aged micro-
hardness.

46], and thus a strong degree of sensitivity to this parameter would be problematic.

To study this, results from a fast (99 ◦C/minute) and slow (6.9 ◦C/minute) heating

rate to paint-bake were compared. The evolution of microhardness with the duration

of the paint-bake for both slow and fast heating is shown in figure 5.7. For samples

heated at a slow rate, approximately half of the hardness increase associated with

paint-baking occurred during the heating ramp to 185 ◦C. For this case, the highest

hardness was obtained after 20 minutes of baking at 185 ◦C. For samples experiencing

fast heating, almost no hardness increase occurred during the rapid (<2 minutes)

heating ramp, and the subsequent hardness increase was more rapid during the

130



5.3. RESULTS 131

paint-bake. The hardness values for both heating rates converged after about 20

minutes, but there remained a small but persistent reduction in the hardness for the

fast ramp compared with the slow one.
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Figure 5.8: Kratky plots of SAXS results of pre-aged samples baking at 185 ◦C with
fast (black) and slow (red) heating rates. (a) 0 minute, (b) 5 minutes, (c) 10 minutes,
(d) 15 minutes, (e) 20 minutes, (f) 25 minutes.

The SAXS data corresponding to the microhardness measurements in figure 7

are shown as Kratky plots in figure 5.8. In this type of plot, assuming the composi-

tion of precipitates remains constant, a peak that shifts towards the left and has a

higher integrated area represents larger precipitates with a higher volume fraction.

The results in figure 5.8. (a) indicate, after the heating ramp, both the precipitates

size and integrated peak area increased compared to the original pre-aged condition.

This increment is more pronounced in samples with the slow heating rate. From
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figure 5.8. (b) ∼ (f), during the baking process at 185 ◦C, samples with slow heating

rate shows larger peak and Guinier radius compared to samples with the fast heat-

ing rate. However, with extending the baking time at 185 ◦C, the peak difference

between samples with fast and slow heating rate became small.

Figure 5.9: (a) Guinier radius and (b) integrated intensity (c) normalised number
density of pre-aged samples baking at 185 ◦C 0-25 minutes with fast and slow heating
rates, compared to the original pre-aged condition.

Quantitative measurements of the Guinier radius, integrated peak area derived

from the SAXS data are summarised in figure 5.9 (a & b). These results are con-

sistent with the microhardness measurements. They show that for the slow heating

case, Guinier radius and integrated peak area increased by 104% and 198% after the

heating ramp. The increment in 25 minutes baking at 185 ◦C was small (52% and

58% respectfully). For the fast heating case, the growth of precipitates during heat-

ing ramp is almost negligible compared to the actual baking at 185 ◦C. The Guinier

radius and integrated peak area only increased by 5% and 22% after the heating

ramp, in comparison to the 190% and 282% increase during the 25 minutes at 185 ◦C.
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Figure 5.9 (c) shows the evolution of the average number density normalised to the

pre-aged condition. A continuous decrease of the normalised density was observed

during baking at 185 ◦C, indicating the dissolution of small precipitates. The dis-

solution was significant during the heating ramp for samples subjected to the slow

heating rate, while for samples subjected to the fast heating rate, the dissolution

was more pronounced in the first 10 minutes of baking. From figure 5.9, it is shown

that the Guinier radius, integrated peak area and normalised number density from

samples under fast and slow heating rates also converged with extending the soaking

time at 185 ◦C, which is consistent with the microhardness results shown in figure

5.7. It can be seen from figure 5.8 and 5.9, although convergence was observed in

the SAXS results, there was still a small difference between fast and slow heating

cases after 25 minutes at 185 ◦C, consistent with the microhardness results.

Figure 5.10: Bright field TEM images with (a) low magnification and (b) high
magnification, taken along the <1 1 0>zone axis from the sample pre-aged at 80 ◦C
8 hours followed by baking at 185 ◦C 20 minutes.

To verify the precipitate size determined by SAXS, TEM images were taken from

one condition as a comparison (fast heating rate and 20 minutes at 185 ◦C). Figure

5.10, shows examples of the microstructure viewed along the <1 1 0>zone axis. The

TEM images demonstrate that larger precipitates are present than in the pre-aged

condition, which are relatively spherical. Thin-plate shape precipitates resting on

{111} planes with their thickness less than 2nm were also exemplified in figure 5.10

(b). They are identified as the η′ precipitates, with the evidence of the diffraction

patterns located at 1/3 [2 2 0] (marked by red ellipses) It has been demonstrated

133



134 5.3. RESULTS

by Yang et al. that these diffraction spots correspond to the variant 1 or variant 2

of the η′ precipitates, which have the zone axis [2 4 2 3] or [2 4 2 3] parallel to the

[1 1 0] aluminium matrix [47].

Figure 5.10 shows that the precipitates are uniformly distributed in the matrix.

The particle radius is measured along the longest principle axis. The radius es-

timated from approximately 200 precipitates in the TEM images was 3.2±0.6 nm.

Small differences are to be expected, since the TEM measured particle radius along

the principle axis is not an identical parameter to the Guinier radius measured from

SAXS [35].

The Guinier radius from SAXS is measuring the electron density weighted root

mean square distance from the gravity center [48]. If we consider ellipsoids shape

in a mono-disperse condition, Rg is equal to
√
(a2 + b2 + c2)/5, where a, b and c

are the radius on the three semi-axes [49]. Assuming a = b and the aspect ratio

(c/a) is in range of 0.5 to 2 [35], it can be estimated that the ratio of true radius

along the principle axis and Guinier radius (a/Rg) is in the range of 1.49 to 0.91.

This is in good agreement with our results. The Guinier radius in the same sample

determined by SAXS was 2.59±0.02 nm. Together with the a radius from TEM

images (3.2±0.6 nm), this yields the a/Rg ratio to 1.2±0.2.
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Figure 5.11: (a) Heat flow and temperature profile of the isothermal calorimetry
tests of the sample pre-aged 8 hours at 80 ◦C baking at 185 ◦C in the calorimetry.
(b) the normalised integrated peak area calculated from the isothermal calorimetry
and the beamline SAXS results.

The isothermal calorimetry results are shown in figure 5.11. Figure 5.11(a) shows

how the heat flow changes during a heat up (corresponding to a heating rate of
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30 ◦C/minute) and hold at the paint-bake temperature. The peak corresponds to

precipitate formation, which can be seen to be almost complete after 30 minutes (the

standard paint-bake time) and fully complete after 50 minutes. For the isothermal

calorimetry results, the relative volume fraction of the precipitates can be calculated

by equation 2, where ASHT−PB is the whole exothermal peak area of solution heat

treated sample soaked in 185 ◦C, APreaged−PB is the whole exothermal peak area of

the pre-aged sample soaked at 185 ◦C, A(t) is the integration of the heat flow curve

of pre-aged sample soaked in 185 ◦C with time t in the range of 0 to 50 minutes.

Vfrelative(t) =
ASHT−PB − APreaged−PB + A(t)

ASHT−PB

(5.2)

The evolution of the integrated heat flow from DSC data shown in figure 5.11(a)

and the precipitation peak area measured by SAXS are compared in figure 5.11(b).

Both of these measures are proxies for the precipitate volume fraction, but this can be

complicated by changes in precipitate chemistry over time and other factors [36, 48].

It can be seen that while there is some difference in the shape of the evolution curve

from both methods, the overall behaviour is the same. In particular, the time at

which precipitation reaches completion is consistent using either method.

5.4 Discussion

To develop an optimised pre-ageing and paint-bake practice for industrial appli-

cations requires fulfilling several requirements that are often in competition with

each other. For example, the pre-ageing step must lead to sufficient precipitation to

stabilize the alloy against natural ageing and provide the necessary pre-cursors to

enable full strengthening to be obtained during the paint-bake step. On the other

hand, the pre-ageing step must limit precipitation to prevent a loss of formabil-

ity and detrimental over-ageing during the paint-bake step. Ideally, the material

will be in a state after pre-ageing that itself does not produce much hardening but

produces a microstructure of pre-cursor precipitates that is able to harden strongly

during the paint-bake cycle. Moreover, conducting the final ageing process at a

slightly higher temperature could potentially enhance the resistance of the material

to stress corrosion cracking (SCC) by encouraging the formation of large discontin-
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uous η precipitates along grain boundaries. Nevertheless, a thorough investigation

is necessary to examine the impact of pre-ageing and paint baking on the SCC

behaviour. For industrial applications, the primary purpose of the paint-bake op-

eration performed commercially is not to control precipitation; this heat treatment

is usually fixed with little opportunity to change time and temperature. Therefore,

the problem is reduced to optimise the pre-ageing practice to achieve the necessary

balance in precipitation and properties.

Hardness measurements can be used to determine the fraction of the total hard-

ening potential (hardening fraction) achieved during the pre-age and the fraction

achieved during the paint-bake. This is calculated from:

f =
HV −HVi

HVmax −HVmin

(5.3)

Where HV is the hardness after the heat treatment step, HVi is the initial

hardness (before either the pre-ageing or paint-bake heat treatment), HVmax is the

maximum (T6) hardness and HVmin is the minimum (W–temper) hardness. A plot

of the calculated hardening fraction for pre-ageing at the different temperatures

used in this study is shown in figure 5.12(a). This demonstrates the expected trend

that as the fraction of hardening achieved during the pre-ageing process increases,

the fraction obtained during paint-bake reduces. This has a compensatory effect, so

that the final hardness obtained is relatively insensitive to the pre-ageing condition,

providing a minimum level of pre-ageing is achieved. The pre-ageing temperature

range 60-80 ◦C provides the best compromise for the paint-bake cycle studied here;

at the low end of this range, the pre-aged material will be softer and the final

hardness after paint bake slightly reduced compared to the high end. A pre-ageing

temperature of 100 ◦C is too high; for this condition, over 70% of the hardening

potential is exhausted after the pre-age, with less than 20% achieved during the

paint bake. None of the conditions achieve the full T6 hardening potential, but

80 ◦C pre-ageing achieves 94% of this maximum value as demonstrated previously.

JMatPro is a powerful thermodynamic modelling software that can estimate the

temperature-dependent precipitation kinetics in 7xxx aluminium alloys [50]. Based

on the chemical composition and the investigated temperature and time, JMatPro

is capable of predicting potential phases in the alloy system. In this study, to under-

136



5.4. DISCUSSION 137

40 60 80 100

Temperature (
o
C)

0

0.2

0.4

0.6

0.8
H

ar
d

en
in

g
 f

ra
ct

io
n

Pre-ageing

Paint bake

Total

10
0

10
5

Time (hr)

0

50

100

150

T
em

p
er

at
u

re
 (

o
C

)

   

3%

1%

'

3%

1%

3%

1%

GP zones

(a) (b)

Experimental conditions
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Time-Temperature-Transformation (TTT) diagram calculated by using JMatPro,
superimposed with the experimental conditions.

stand the kinetics of the precipitation processes that produce the observed hardening

behaviour, JMatPro was used to calculate the critical time and temperature for 1

and 3 weight percent of GP zones, η′ and η precipitation. The time- temperature-

transformation (TTT) diagram is shown in figure 5.12(b). Superimposed on this

diagram are the experimental conditions used for pre-ageing. Consistent with the

microstructural analysis via TEM, it is predicted that in all cases the pre-ageing

treatments should produce a microstructure consisting of GP zones. Only for the

100 ◦C pre-treatment is significant transformation to η′ expected to have begun.

The pre-treatments all correspond to a temperature range below the “nose” of the

C-curve, so that an increase in temperature is associated with faster precipitation

kinetics. This is consistent with the hardness evolution and SAXS results. The

selected pre-heat treatment (8h at 80 ◦C) is predicted to produce a microstructural

state in which the transformation to η′ has almost begun. This is a promising state

after pre-ageing since the GP-zones will be large enough to avoid reversion dur-

ing the heat-up to the paint bake, but significant strengthening attributed to η′

precipitation will not have occurred.

Another important role of the pre-ageing temper is to stabilize the material

against natural ageing, which is of great value in industrial applications where there

may be significant delay between the pre-temper performed at the alloy supplier and

the paint bake process performed after forming and assembly at the vehicle manu-

facturer. This was demonstrated in the present work to be effective, up to a time of
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at least 7 months, with evidence from microhardness and SAXS. This is consistent

but more attractive than previous studies which confirmed the stabilization effect

up to 3 weeks in 7075 [31]. Both previous studies and the present work demonstrate

that the pre-aged microstructure contains GP zones, which reduce the solute super-

saturation sufficiently to greatly retard the natural ageing process, whilst providing

a reasonable formability. However, it is worth noting the sufficiency of formability

depends on the specific requirement of each application. Furthermore, the complex

interactions between deformation and precipitation may impact the precipitation ki-

netics and mechanical properties. Future studies are needed to assess the mechanical

behavior of this pre-aged temper condition in various industrial applications.

For the first time we demonstrated the effect of heating rate to the paint baking

temperature revealed a similar compensation effect to the effect of changing pre-

ageing conditions. The specimens heated at the slowest rate underwent significant

precipitation and hardening during the heating ramp. This reduces the supersatu-

ration and slows subsequent precipitate evolution during the paint baking process.

For the rapidly heated specimen, less precipitate evolution and hardening occurred

during the heating ramp, and the greater remaining supersaturation enabled faster

kinetics during the paint bake hold. As a result, the precipitate size, volume fraction,

and related hardness increase caught up with those from the slow ramp. Interest-

ingly, the time to reach peak hardness was insensitive to the large change in heating

rate due to this compensation effect. This is industrially useful because it suggests

that the strength change during paint-baking is insensitive to heating rate once the

baking time exceeds around 20 minutes. This is important because measurements of

heating rates for body-in-white automotive structures show that heating rates can

vary strongly depending on location, from 20 ◦C/min for the roof to 4 ◦C/min for a

location inside the B-pillar [45].

The TEM and DSC results support the conclusions from the SAXS and mi-

crohardness measurement and reveal further details of the microstructure. TEM

reveals the microstructure after pre-ageing at 80 ◦C is dominated by a homogeneous

distribution of GP zones, consistent with previous observations [32]. The similarity

of the precipitate size derived from the Guinier radius measured with SAXS and

measured by TEM confirms that SAXS is a useful technique to track the evolution
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of these precipitates during the ageing process. The SAXS results show that after

only 1h of pre-ageing at 80 ◦C, the GP zones are well-established. Extending the

pre-ageing time does not increase the number density of the GP zones, which con-

firms the volume fraction increase is the result of the growth of the existing GP

zones. This is in consistent with the previous findings [32, 51].

DSC is a complementary technique to SAXS to understand the evolution of the

precipitate fraction. It is shown that both the area under the precipitate curve in

SAXS and the integrated peak area evolution from isothermal DSC demonstrate a

similar rate of evolution of precipitate fraction during the paint bake cycle. Both

techniques suggest that for the investigated pre-ageing treatment of 8h at 80 ◦C, the

maximum precipitate fraction saturates after approximately 30 minutes, which is the

duration of the standard paint bake process. This demonstrates that the optimised

pre-ageing practice is sufficient to enable the maximum precipitation (and hence

hardening potential) to be realized during the paint bake, whilst avoiding excessive

over-ageing.

5.5 Conclusions

The effect of a two step pre-ageing and final ageing (paint bake) practice on the

microstructure and properties of AA7075 has been investigated. The following con-

clusions have been drawn from this work:

1. The pre-ageing treatment at 80 ◦C for 8 hr produced mechanical properties that

show a good balance between formability over the T6 temper, but allowed 94%

of the T6 strength to be achieved during a second ageing step simulating a

paint–bake practice (20 minutes at 185 ◦C).

2. For all pre-ageing practices investigated in this study, there is convergence of

hardness values after the simulated paint–bake. This is because a low amount

of precipitation in the first step is compensated by a greater amount of pre-

cipitation in the paint–bake step, and vice versa.

3. Pre-ageing leads to formation of a large number of nano-sized GP zones. Dur-

ing the paint bake, transformation to η′ occurs, leading to an increase in mean
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precipitate size and volume fraction, but no increase in number density.

4. The pre-aged microstructure (80 ◦C for 8 hr) is stable against natural ageing for

times up to at least 7 months, with negligible change in hardness or precipitate

characteristics.

5. Providing the paint-bake time exceeds 20 minutes, the final hardness and

precipitate size and fraction are insensitive to the heating rate. This is because

slow heating leads to a greater increase in precipitate size and fraction during

the heating ramp, removing solute and slowing the subsequent evolution during

the isothermal hold compared to the fast heating rate.

6. The observation that the final hardness and precipitate distribution are not

highly sensitive to either the precise pre-ageing practice or heat up to the

paint-bake suggest the two step route proposed here is likely to be robust for

industrial application.
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Abstract

Al-Zn-Mg-Cu alloys obtain their exceptional high strength predominately relying

on precipitation. Deformation can influence the evolution of precipitation and may

potentially provide additional strength through work hardening. In this study, the

coupling of dislocation and precipitation strengthening to achieve unique property

combinations with strengths greater than those due to heat treatment alone was

investigated on pre-aged AA7075 subject to a pre-age, deform, post-age cycle. The

evolution of precipitates and mechanical properties were characterised to understand

the contribution of each mechanism to the final strength. Small angle X-ray scatter-

ing (SAXS) was used to monitor the precipitate evolution during post-ageing, with

the support from transmission electron microscopy (TEM) and isothermal calorime-

try. The results revealed that uni-axial deformation to 10% strain had negligible

effects on pre-existing precipitates but introduced sufficient dislocations to enable

significant work hardening, which resulted in strengths greater than those obtained

with a T6 heat treatment but with a sacrifice in further strain to failure. Post-ageing

at 120 ◦C was found being effective on partially recovering dislocations and promot-

ing precipitation strengthening. A simple model was applied to demonstrate that

the time required to reach peak strength is determined by the competing effects

of the enhanced kinetics of precipitation and dislocation recovery. The accelera-

tion effect of prior deformation on the growth of precipitation during post-ageing is

consistent with the expected effect of dislocations acting as the fast diffusion paths.
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6.1 Introduction

Aluminium alloys strengthened by precipitation are extensively used as structural

components in the aerospace and automotive industries owing to their excellent

strength to weight ratio [1, 2]. The exceptional strength is obtained by forming

nano-sized particles which precipitate out from the supersaturated matrix during

artificial ageing treatments [3]. 7xxx series aluminium alloys (Al-Zn-Mg and Al-

Zn-Mg-Cu systems) are particular of interest since they exhibit the highest possible

strength among the family of aluminium alloys, offering the possibility for maximum

weight reduction.

For conventionally processed 7xxx alloys, the majority of strength in the strongest

state (T6 temper) is provided by nanoscale η′ precipitates with diameters of less than

5 nm [4]. A microstructure with precipitates having a size larger than this usually

corresponds to an over-aged state showing reduced strength. Apart from strength,

ductility is also an important consideration in mechanical properties. Many studies

have been focused on achieving simultaneously high strength and high ductility for

deformed 7xxx aluminium alloys [5, 6, 7]. Another challenge in using 7xxx in high

volume production applications such as automotive is the long cycle time associ-

ated with the traditional tempering treatments. For example, a classic T6 temper

involves heating at 120◦C for 24 h after solution treatment and quenching.

One potential method to achieve even greater strength whilst simultaneously re-

ducing cycle times is to combine ageing and deformation. In addition to providing

both precipitation strengthening and work hardening contributions to boost final

strength, this combination also has the potential to unlock useful synergies. For

example, deformation can accelerate ageing, and precipitates may help to retain

more work hardening by retarding dislocation recovery [8]. Attempts to combine

these approaches in 7xxx alloys include work on cryo-rolling and low temperature

ageing [5, 6]. When used in conjunction with an optimized two–step ageing practice,

such an approach has produced AA7075 with 615MPa yield strength, whilst main-

taining an acceptable uniform elongation of 7.4%, representing a useful improvement

over a standard T6 temper that produces a yield strength of approximately 500MPa.

However, cryogenic rolling can be impractical and adds cost, whilst complex and low
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temperature ageing treatments add process time.

Pre-ageing (prior to deformation) to an underaged state can be an effective way

to resolve these difficulties. Firstly, pre-existing precipitates can impede the recovery

of dislocations in the following deformation process resulting in high dislocation den-

sity. Secondly, recent studies [9, 10] reported pre-ageing can stabilize natural ageing

extending the shelf life. Finally, an accelerated precipitation kinetics during the sec-

ond ageing can shorten the total ageing time. However, a complete understanding

of how the pre-ageing treatment influences the subsequent deformation behaviour

and ageing response remains lacking. Therefore, it is difficult to determine how to

optimize the overall process to give the best property balance.

The objective of this study is to investigate the coupling of dislocation and

precipitation strengthening to achieve novel property combinations using pre-aged

AA7075 as the initial temper condition. Characterization of the precipitate evolution

and dislocation density changes have been used to understand the contribution each

mechanism makes to the final strength and explain how property combinations can

be tailored. This provides a useful guide to developing combined heat-treatment

and deformation ageing practices.

6.2 Methodology

7075 aluminium alloy sheets of 1.5mm thickness were used in this study. The

raw materials were produced from commercially direct-chill cast and rolled plate,

supplied in the F temper (as fabricated) by Constellium C-TEC (France). The

nominal composition is shown in table 6.1.

Table 6.1: Nominal composition of AA7075 in wt.%
Zn Mg Cu Si Fe Mn Cr Al

AA7075 5.6 2.5 1.6 0.2 0.25 0.15 0.23 Bal

Tensile specimens were prepared with 10mm width and 50mm gauge length along

the rolling direction. Samples were first subjected to a solution heat treatment at

480◦C in an air recirculating furnace for 1.5 h, followed by water quenching to room

temperature. A pre-ageing process was immediately applied isothermally at 80◦C
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for 8 h. The reason for this choice will be justified later. After the pre-ageing heat

treatment, samples were stored in a freezer at -23◦C.

Prior to the deformation process, samples were removed from the freezer. Uni-

axial deformation was performed at room temperature on an Instron 5569H1549

machine with a cross-head speed of 1mmmin−1, which gives a nominal average

strain rate of 4 × 10−4 s−1. An extensometer was used to monitor the evolution of

strain during the deformation process. Upon reaching 10% plastic strain, unloading

was then applied immediately to prevent further plastic deformation. A uni-axial

plastic strain of 10% corresponds to a true plastic stress of 600MPa, indicating a

significant preservation of work hardening when compared to a 0.2% proof strength

of 394MPa [11].

After the deformation, samples were subjected to an additional isothermal ageing

treatment at 120◦C in an air recirculating furnace for times ranging from 2 to 12

h. Following this, specimens of dimensions 10 × 5 × 1.5mm3 were cut from the

gauge area of pre-deformed specimens using a Struers Accutom-5 precision cut-off

machine with a feed speed of 0.05mms−1. Vickers hardness was then measured

with 10 indentations taken in each case with 0.5 kgf force and a 10 s dwell, from

which the mean and standard deviation were calculated. Afterwards, samples were

polished using oxide particle suspension with a particle size of 0.2 microns for X-ray

diffraction measurements.

A further set of pre-aged, deformed, and aged specimens was subject to tensile

testing under the same conditions as used for pre-deformation, but strained to fail-

ure. Specimens were also prepared and tested from material that experienced an

identical thermal pathway (pre-age, secondary ageing) but without any intermediate

deformation.

Line broadening of X-ray diffraction (XRD) peaks was used to determine the

evolution of dislocation density. Peaks were collected in the 2θ range of 20 ◦ to

140 ◦ with 0.02 ◦ step size and 8s dwelling time, on a ProtoAXRD machine equipped

with Cu source. Dislocation density was estimated from the X-ray line broadening

using the modified Williamson-Hall method [12, 13]. After XRD tests, samples were

mechanically ground to 70µm thickness for small-angle X-ray scattering (SAXS)

characterisation.
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To study the evolution of precipitates during the second ageing treatment at

120◦C, small-angle X-ray scattering was performed on a Bruker Nanostar modified

with a Genix 3D microfocus CuKα (1.54 Å, ∼7.8 keV) source by Xenocs. The ac-

cessible scattering vector range in this study is [0.01, 0.6] Å−1. The exposure time

was set as 1500 seconds for all SAXS measurements. Scattering signals were circu-

larly averaged at each scattering vector q to convert 2D scattering pattern to 1D

graph (intensity vs q). The 1D data was then analysed using the Porod plot (Iq4

vs q4) to identify the background noise caused by the Laue scattering of disordered

solid solution and instrument noise [14]. After subtracting this noise from the total

scattering intensity, Kratky plots (Iq2 vs q) were made to quantify the precipitates.

The Guinier radius can be calculated using
√
3

qpeak
, where qpeak is the scattering

vector q corresponded to the peak in the Kratky plot [14]. The relation between

the Guinier radius Rg and true radius depends on the shape and dispersion of the

particles. For example, a proportional factor of
√
5/3 can be applied onto Rg to

obtain the true radius of a spherical particle. Nevertheless, it has been demonstrated

elsewhere that in 7xxx alloys, Rg alone can provide a robust measurement of the

average precipitate radius without this scaling [15]. The average number density is

determined by dividing the volume fraction of precipitates by the average volume of

an individual precipitate [14]. In the present study, assuming the precipitate compo-

sition is invariant, the change of volume fraction of precipitates can be represented

by the change of the integrated peak area of the Kratky plot. The volume of an

individual precipitate is proportional to R3
g. The relative precipitate number density

can then be estimated by dividing the integrated peak area by R3
g.

Isothermal calorimetry was used as a complementary method to study the vol-

ume fraction evolution of the precipitates during the second ageing treatment at

120◦C. Experiments were performed on a TA instrument DSC Q1000 machine using

30 ◦C/minute heating rate followed by an isothermal hold, with pure aluminium as

the reference. Since the precipitation process is an exothermal reaction, the evolu-

tion of the heat flow can be used to study the precipitation kinetics. To determine

the relative precipitate volume fraction in the sample right before the second ageing

treatment, isothermal DSC was also performed at 120 ◦C on a specimen solutionized

at 480 ◦C for 1.5 hour followed by water quenching. This sample was assumed to
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contain no precipitates, and so provides a benchmark for full precipitation at 120 ◦C.

Details of using this technique to study the kinetics of precipitation can be found

elsewhere [16].

Transmission electron microscopy (TEM) was performed on samples cut from

the same ground specimens as for SAXS. Twin jet electropolishing was performed

at 15V and -40 ◦C in nitric acid and methanol solution (1:3 vol%) to produce elec-

tron transparent areas. Bright field TEM images were collected using a FEI Talos

machine equipped with a X-FEG field emission gun operating at an accelerating

voltage of 200kV. All bright field images shown in this study were taken with the

beam aligned to the <110>zone-axis to identify the precipitate phase.

6.3 Results

The hardness values of all specimens in the present study are shown in Figure 6.1.

Immediately after pre-ageing, the hardness was measured as 155±1HVN. Without

any deformation, the hardness increased approximately linearly with time during

the second ageing step at 120 ◦C in the first four hours. Afterwards, the increase

slowed down and the hardness reached 185±1.3HVN after 10 h ageing. Further

increase in time to 12 h did not produce a further significant increase in hardness.

The final hardness for the two step ageing without deformation plateaued at a

value slightly lower than that produced by the standard T6 treatment, which was

only subjected to a single ageing of 24 h at 120 ◦C (dashed line in Figure 6.1). The

hardness evolution when the intermediate deformation step is used is completely

different (Figure 6.1). Prior to the second ageing step, the hardness is already

above that for a conventional T6 temper. It then falls below the T6 hardness after

2 h ageing before increasing gradually to 195.6±1.3 after 10 h, significantly above

that in the T6 state. Further ageing time does not lead to any significant change in

hardness.

Prior to and after the second ageing step, samples were subjected to a tensile

test to failure. Example stress-strain curves from these tests are selected and plotted

in Figure 6.2 (a). Consistent with the hardness results, the 0.2% proof stress of the

pre-aged and deformed condition (prior to the second ageing step) is above that
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Figure 6.1: Hardness evolution at 120◦C of samples with or without deformation,
compared to the hardness of samples in the T6 condition (peak-aged).

Figure 6.2: (a) True stress-strain curves of selected samples. (b) Repeated tests of
deforming pre-deformed (10% strain) samples to failure. PA denotes pre-ageing 8 h
at 80 ◦C.

obtained after a T6 temper. However, the work hardening capability is also partly

exhausted, so that the additional elongation to failure is much lower (8%) than the

total elongation to failure for the T6 material (16%). A elongated yield point was

also observed during the second tensile deformation (up to an additional 4% plastic

strain). Repeated tests were performed as shown in Figure 6.2 (b) to confirm the

occurrence of this unusual behaviour. Although this behaviour is uncommon in

7xxx aluminium alloys, similar stress-strain curves were reported when reloading

previously deformed underaged AA7075 [17].

Application of the second ageing step led to a small increase in 0.2% proof stress
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Figure 6.3: Summary of the 0.2% proof stress and strain to failure of deformed
samples after the second ageing treatment at 120 ◦C

for ageing times in excess of 4 h, consistent with the hardness results, but had a

more significant effect on the elongation to failure. For example, after 6 h of the

second ageing step, the further elongation to failure was increased to 11% (compared

to 8% prior to second ageing). Although this was still lower than that of the T6

sample, the 0.2% proof stress was increased to 590MPa (compared to 560MPa for

the T6 temper). These results are also summarized in Figure 6.3. Figure 6.2 further

demonstrates that a simple two-step ageing without any deformation in between

was not enough to achieve this high strength. Pre-ageing 8 h at 80 ◦C followed by

ageing 6 h at 120 ◦C resulted in a 17% total strain to failure but only 510MPa 0.2%

proof stress. An additional 4 h ageing at 120 ◦C can increase the proof stress to

540MPa, which is then close to the T6 value, and maintain the elongation to failure

at 17% but the total ageing time is now long (18 h) which may be unsuitable for

high throughput production.

Figure 6.4 (a) shows the microstructure after pre-ageing and the first deformation

to 10% plastic strain. Fine precipitates were observed, uniformly distributed in the

matrix. Dislocations are also observed in the structure as expected. The diffraction

pattern is consistent with the presence of GP-zones rather than η′ or η precipitates.

After 2 h ageing at 120 ◦C following deformation, the microstructure is exempli-

fied in Figure 6.4 (b). Compared to Figure 6.4 (a), precipitates in the matrix grew

from 1.1 ± 0.2 nm to 1.5 ± 0.3 nm. Thin-plate shape precipitates aligned on {111}

planes can also be observed. From the diffraction pattern, they are identified as η′
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Figure 6.4: Bright field TEM images taken in <110>zone-axis from deformed sam-
ples (a) without any second ageing treatment, (b) after 2 h at 120 ◦C, (c) and (d)
after 6 h at 120 ◦C.

precipitates [18]. Although a few large precipitates can be observed, which cause

an increase of the standard deviation of the radius measurement, the distribution of

precipitates was still relatively homogeneous in the matrix.

Figure 6.4 (c) and (d) were taken after 6 h ageing at 120 ◦C. A similar microstruc-

ture was observed to that obtained after 2 h (Figure 6.4 (b)). The mean radius of

the precipitates was increased to 2.0± 0.3 nm. Diffraction spots corresponding to η′

precipitates intensified, but there was still no evidence of transformation to η.

Small angle X-ray scattering was used to quantitatively investigate precipitate

characteristics averaged over a larger volume than possible with TEM studies. The

results are plotted as Iq2 vs q in Figure 6.5 [15]. A shift in the peak in these plots

towards the left (smaller q) indicates an increase in the average precipitate size.

The area under the peak scales in proportion with the precipitate volume fraction,
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Figure 6.5: Kratky plots of SAXS results. (a) pre-aged samples before and after
deformation (10% strain). (b∼f) after 2∼10 h ageing at 120 ◦C from samples with
or without deformation.

providing the precipitate composition and other factors are approximately invariant

[14, 15].

Figure 6.5 (a) shows the SAXS results before and after the deformation step. The

observation that these two curves are almost identical confirms that the deformation

step itself does not modify the precipitate size distribution, as expected. Figure 6.5

(b ∼ f) show the effect that deformation has on the evolution of precipitates during

the subsequent ageing treatment at 120◦C with increasing time. It can be seen that

the curves for the deformed case deviate increasingly from those where the same

heat treatment was applied without deformation. The peak of the curve in the

deformation case moves up and to the left. This implies a larger average precipitate
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size and greater volume fraction in the case where deformation was applied.

The Guinier radius and integrated intensity values extracted from the SAXS data

are summarized in Figure 6.6. After pre-ageing, the Guinier radius is measured to

be 0.9nm. Deforming the pre-aged sample to 10% strain has no significant effect on

the Guinier radius. Applying a second ageing at 120 ◦C increased the Guinier radius

for both deformed and undeformed samples as expected. The effect of deformation

on accelerating the radius increase is clearly seen. For example, in the case where

pre-deformation was applied, it takes only 2 h to reach the same radius as obtained

after over 6 h ageing without deformation,

Figure 6.6 (b) shows the evolution of the integrated area under the Kratky plots

taken as a proxy for the precipitate volume fraction. The most rapid change occurs

in the first 2 h of ageing. At this time, the difference between the undeformed and

pre-deformed cases is small. However, at longer times, the integrated area for the

pre-deformed case continues to increase rapidly (up to 4 h) whilst in the undeformed

case the increase slows. This leads to an increase in the peak intensity for the pre-

deformed case that persists for subsequent ageing times.

Assuming the integrated area under the Kratky plots can be taken as propor-

tional to the precipitate volume fraction, the relative number density can be esti-

mated since it is determined by the mean radius and volume fraction. The result

of this calculation is shown in Figure 6.6 (c). For undeformed samples, the relative

number density is calculated to be approximately unchanged in the first 2 h and

then decreases gradually over the next 8 h. For deformed samples, the calculation

suggests that the number density is already decreasing after 2 h ageing and then

continues downwards over the remaining heat treatment time. This leads to a rela-

tive number density in the pre-deformed case that is consistently below that in the

undeformed case. The calculation of a stable or decreasing number density suggests

that nucleation is not dominant and instead the microstructural evolution is in the

regime governed by precipitate growth and coarsening.

Isothermal calorimetry provides an independent method of determining the rel-

ative precipitate volume fraction. The relative volume fraction can be determined

from the area under the precipitation exotherm peaks, according to equation 6.1.
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Figure 6.6: Evolution of (a) Guinier radius, (b)normalised integrated intensity and
(c) normalised number density during the second ageing at 120◦C for samples with
or without 10% strain.

Vfrelative(t) =
Ao − Ad + A(t)

Ao

(6.1)

where Ao is the integrated exothermal peak area of a sample in which the pre-

cipitate volume fraction is maximised (fully solutionised treated and aged for 24 h

at 120 ◦C). Ad is the final total integrated exothermal peak area of the deformed

sample held at 120 ◦C and A(t) is the cumulative peak area of the deformed sample

held at 120 ◦C as a function of hold time.

The temperature profile and the heat flow curve for the calorimetry test are
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Figure 6.7: (a) Heat flow and temperature profile of the isothermal calorimetry
test for the deformed sample (b) normalised integrated heat flow from isothermal
calorimetry results and normalised integrated scattering intensity from SAXS re-
sults.

shown in Figure 6.7 (a). The normalized integrated peak area (equation 6.1) and

the integrated scattering intensity from SAXS are compared in Figure 6.7 (b). Both

methods, which independently determine the relative precipitate volume fraction,

give good agreement in determining the overall precipitation kinetics.

In addition to the evolution of precipitates, the change in work-hardening con-

tribution due to recovery of the dislocation sub-structure can also have a significant

effect on the mechanical properties. To study this, X-ray line profile analysis was

used to estimate the changing dislocation density during the post-deformation age-

ing treatment following the modified Williamson-Hall method. The theory behind

the use of this method to determine dislocation densities is presented in detail else-

where [12, 13].

Figure 6.8 (a) shows the modified Williamson-Hall plot, in which the peak broad-

ening parameter (∆K, the full peak width at half maximum height) is related to

the dislocation density through Equation 6.2.
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Figure 6.8: X-ray line broadening results (a)Modified Williamson-Hall plot. (b)
evolution of dislocation density as a function of time at 120 ◦C.

(∆K)2 =

(
0.9

D

)2

+
πM2b2

2
ρK2Cg (6.2)

whereK is the equivalent diffraction angle of each diffraction peak in the recipro-

cal space (2sinθ/λ), Cg is the contrast factor of dislocations, b is the Burgers vector,

ρ is the dislocation density (to be determined), ∆K is the FWHM of each experi-

mentally observed diffraction peak, M is an parameter describing the arrangement

of dislocations that is unknown but is expected to lie between 1–2 in the present

case [12]. The parameters used in producing Figure 6.8 are summarized in Table 6.2.

Given the uncertainty in some of the input parameters, in particular the dislocation

arrangement parameter M , the quantitative values of the dislocation density shown

in Figure 6.8(b) are unlikely to be accurate. Nevertheless, the qualitative trend,

which demonstrates a rapid reduction in dislocation density within the first 2 h of

ageing followed by a slowed reduction for longer times, is expected to be reliable.

Table 6.2: Parameters for the modified Williamson-Hall plot
Symbol Value

M 1 [12]
Cg 0.19 [13]
b 0.286
λ 0.154
ρ to be determined
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6.4 Discussion

The present study investigates the evolution of precipitates and mechanical prop-

erties on AA7075 subject to a pre-age/deform/post-age cycle, comparing this with

the heat treated only condition. This has relevance to industrial forming operations,

where a pre-age and post-age are typically used before and after the deformation

step. The selection of a temperature of 80◦C for 8 h is based on previous research,

which has demonstrated that employing this pre-ageing strategy on AA7075 ef-

fectively stabilizes natural ageing, successfully preserves an adequate level of work

hardening and provides essential precursors necessary for achieving high strength

during subsequent ageing treatments [11].

Pre-ageing and 10% cold deformation leads to a synergistic strengthening effect

combining both precipitation and work hardening. This results in a proof stress of

584MPa which is considerably higher than the 560MPa value obtained for a T6 sam-

ple. Previous studies on stretching supersaturated or naturally aged Al-Zn-Mg-Cu

alloys at room temperature reported little to no direct effect on the hardness and/or

yield strength [19, 20], which may be explained by the strong dynamic recovery

in aluminium systems in the absence of sufficiently large precipitates. In pre-aged

samples, such precipitates can be effective in accumulating dislocations by retarding

dynamic recovery [8], resulting in a high working hardening contribution to the total

strength. However, the increased strength due to deformation is accompanied by a

significant reduction in the strain to failure from 17% to 8% due to the exhaustion

of the working hardening capability. In addition, Lüders bands were observed, in-

dicative of early strain instability and leading to elongated yield behaviour, which is

an undesirable effect of the interaction of precipitates and dislocations when in the

pre-aged condition. Although such behaviour is unusual in 7xxx aluminium alloys,

it has been previously reported when reloading previously deformed AA7075 [17].

The post-deformation heat treatment can be used to tune the properties. This

heat treatment leads to recovery of dislocations and therefore restoration of some of

the work hardening capability but also increased precipitation resulting in enhanced

precipitation strengthening. In the present work, a 120◦C second heat treatment

was used since this enables direct comparison with the classic T6 temper as well as
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potentially enabling a desirable combination of both high strength and elongation

to be achieved. For industrial forming, a higher temperature second step may be

needed, either to reduce cycle times or to combine with some other process such as

paint baking. However, when a hotter final step is used, as is typical for a paint-bake,

this can lead to excess precipitate growth and an overaged microstructure [21, 22].
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Figure 6.9: (a)The growth rate of precipitates and (b) the enhancement effect of the
deformation as a function of the ageing time at 120◦C.

The effect of the deformation step prior to the final ageing step is to accelerate

the ageing behaviour. This accelerating effect on ageing is well known in the context

of stretching of plate [20, 23]. The acceleration can be seen when comparing the

evolution of precipitate size with and without deformation (Figure 6.6). Figure 6.9

(a) shows that at a given time the growth rate of precipitates in the deformed

sample is much faster than the non-deformed sample. Additionally, Figure 6.9 (a)

illustrates that in both cases the growth rate of precipitates continuously decreased

over the ageing time at 120◦C. For the non-deformed case, this phenomenon can be

rationalised by the increase of size and decrease of supersaturation. For the deformed

case, the evolution of the acceleration effect must also be taken into consideration.

The effect of deformation on the ageing kinetics can be expressed as an “enhance-
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ment factor”. The enhancement factor is calculated as the ratio of the precipitate

growth rate of the deformed sample to the non-deformed sample at a given time,

which reflects the acceleration effect by prior deformation. For a condition with no

deformation induced acceleration, the enhancement factor is 1. In the present study,

the enhancement factor was found to lie in the range of 1.5∼2.5. This is in close

agreement with previous studies of the effect of dislocation pipe diffusion, where an

enhancement factor of 2∼3 was observed by Deschamps et al. in an Al-Zn-Mg-Cu

system and 2∼5 was observed by Wang and Shiflet in an Al-Li system [14, 24]. In

these cases, it was demonstrated using modelling that the enhanced kinetics were

well explained by the effect of enhanced diffusion along the dislocation pipes.

Note that the enhancement in kinetics seen in this study is much less than

that observed when deformation is applied simultaneously with precipitation dur-

ing warm conditions. For example, an enhancement factor of ∼7 was reported by

Deschamps et al [14] in a warm deformed pre-aged Al-Zn-Mg-Cu system and an

much higher value of ∼50 was reported by Robson et al [25] in a supersaturated Al-

Zn-Mg-Cu system. In room temperature cyclic deformation it has also shown that

precipitation (natural ageing) can be accelerated by orders of magnitude due to the

movement of dislocations [2]. In the case where deformation and precipitate evolu-

tion occur simultaneously, there is now strong evidence that the main effect is due

to excess vacancies generated at jogs on gliding dislocations [26]. These enhance

diffusion rates more powerfully than pipe diffusion along dislocations alone [27].

However, it is also predicted that once deformation stops, these excess vacancies an-

nihilate very rapidly (typically within seconds [27]) so that they have little influence

on the post-deformation ageing behaviour. Therefore an important distinction can

be made between the strong effect of deformation enhanced diffusion during defor-

mation, which is mainly due to excess vacancies, and the weaker effect of deformation

enhanced diffusion post-deformation, which is mainly due to dislocations.

Although precipitation behaviour is accelerated by deformation, when consider-

ing the strength, the time to reach peak is similar in the deformed and non-deformed

cases (as demonstrated by the hardness plot in Figure 6.1) at around 8 h, and this

can be explained by the kinetics of not only the precipitation process but also the

recovery process, that together determine the total strength in the as-deformed case.
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To understand the evolution of strength during the process, and the relative

contributions made by work hardening and precipitation strengthening, it is useful

to use a simple model. The total strength may be broken down into the individual

strengthening contributions according to [23, 28]:

σtot = σ0 + σsol + σg + n
√

σn
d + σn

ppt n ∈ [1, 2] (6.3)

Parameters used in the strengthening model are summarised in Table 6.3.

Table 6.3: Parameters for the strengthening model
Symbol Meaning Value

σo intrinsic stress of pure aluminium 10 MPa [29]
σg grain boundary strengthening 19 MPa [30]
σd dislocation strengthening to be determined from Eq. 6.2
σppt precipitation strengthening to be determined
n exponent factor 1.3
c0i the initial bulk concentration of solutes from Table 6.1
cpptMg atomic solute content of Mg in the precipitates 0.278 [31]

cpptZn atomic solute content of Zn in the precipitates 0.389 [31]
α dislocation strengthening constant 0.2 [31]
M Taylor factor 3.06 [30]
G shear modulus for aluminium 26.9 GPa [30]
β fitting parameter 0.5 [23]
k2 fitting parameter 0.063 [23]

In the present case, the solid solution strengthening (σsol) is considered as a lin-

ear superposition of the solid solution strengthening effects of Mg, Zn, and Cu [30].

The evolution of the solute concentration in matrix (ci) can be calculated using

Equation 6.4 [31]. In order to experimentally determine the actual volume fraction

of precipitates using SAXS, it is necessary to calibrate the scattering intensity to an

absolute unit and also have a comprehensive understanding of the composition of the

precipitates. Unfortunately, these are not available in the current study. Therefore,

the composition and maximum volume fraction of η′ were predicted using Thermo-

calc software with the TCAL8 database. This gave a composition of Mg5Zn7Al6 and

maximum volume fraction of 5.8%. The relative volume fraction from SAXS results

can then be converted to the actual volume fraction (fv) using this as a scaling

factor.
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ci =
c0i − cppti fv
1− fv

(6.4)

For the precipitation strengthening, a model that has been developed for 7xxx

aluminium alloys under the Friedel statistics is adopted here [23].

σppt =
M

bR
√
2Gβb2

√
3fv
2π

F
3
2 (6.5)

The transition radius Rc determining whether the precipitate is by-passed or

sheared is calculated as 2βb/k2 [23], which is close to 4.7nm. In the present study,

precipitates in all experimental conditions have size smaller than the transition ra-

dius. Therefore, only the shearing mechanism is considered. The obstacle strength

F is then given by:

F = 2βGb2
R

Rc

(6.6)
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The contribution of grain size (σg) to the overall strength is assumed to follow
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a simple Hall-Petch relationship. In comparison to severe plastic deformation pro-

cesses like equal channel angular pressing (ECAP), it is not expected that a plastic

strain of 10% will lead to a significant decrease in grain size [30]. Additionally, the

second ageing treatment at 120◦C is well below the recrystallization temperature of

AA7075 (which is usually above 300◦C) [32]. Consequently, the effect of grain size

is not anticipated to dominate the evolution of the overall strength. For this study,

the grain size strengthening is estimated to be 19MPa, considering that the grain

diameter in a typical commercial AA7075 sheet is approximately 40 µm [30].

A plot of the calculated strengthening components for deformed samples as a

function of the ageing time at 120 ◦C is shown in Figure 6.10 (a). The solid solution

strengthening effect has little contribution to the total yield strength and decreases

over ageing time. Therefore, the evolution of the yield strength is mainly governed

by the recovery of dislocations and growth of precipitates. Without the second heat

treatment, the effect of dislocation strengthening is stronger than the precipitation

strengthening resulting in the high yield strength.

A slight decrease of the yield strength is calculated after 2 h ageing at 120 ◦C,

which is consistent with the experimental observations. This behaviour can be

explained by the fast recovery of the dislocation strengthening during the first 2 h,

which overcomes the strength increase due to additional precipitation in this period.

Afterwards, the continued increase of precipitation strengthening overcomes the now

slower recovery of dislocation strengthening, resulting in a strength increase.

Figure 6.10 (b) compares the evolution of this calculated yield strength in de-

formed and undeformed samples. For undeformed samples, the dislocation strength-

ening effect is not considered. The increase of the yield strength is simply a result

of the precipitation strengthening. Overall, this figure reproduces the key features

in the hardness measurement in Figure 6.1. A good fitting is obtained between the

experimental and numerical yield strength in deformed samples, which verifies the

applicability of this strengthening model in predicting the strength of the present

Al-Zn-Mg-Cu system. Furthermore, this demonstrates that if recovery is suppressed

by pre-ageing, the strength contribution due to work hardening can approach that

due to precipitation, leading to a combined strength that significantly exceeds that

obtained in the T6 temper. The balance of strengthening mechanisms and resultant
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mechanical properties can be further tuned by varying the conditions of the second

ageing step.

6.5 Conclusions

The present study investigated a strategy to obtain ultra-high strength for a Al-Zn-

Mg-Cu alloy by combining working hardening and precipitation strengthening. To

achieve this, experiments were performed on AA7075 following the route of solu-

tion heat treatment, pre-ageing, deformation and the second ageing. The effect of

deformation on the evolution of precipitates and mechanical properties during the

second heat treatment were characterised in detail. The following conclusions may

be drawn from this work:

1. Stretching pre-aged (8 hours at 80 ◦C) AA7075 leads to strengths above T6

level prior to the final ageing step due to a high contribution of dislocation

strengthening. However, the initial straining exhausts some of the work hard-

ening capacity of the material so that a further elongation of only 8% is

achieved.

2. The mechanical properties and precipitation status can be further tuned by

the second heat treatment. 6 hours heat treatment at 120 ◦C results in a 0.2%

proof stress of 590 MPa (a significant increase over the T6 level of 560 MPa)

combined with a useful further 11% strain to failure.

3. SAXS reveals that room temperature deformation has a negligible effect on the

precipitate size and volume fraction formed during the pre-ageing, but does

accelerate precipitate growth during the final ageing step.

4. The effect of enhanced precipitate growth post-deformation is weaker than

that observed in previously studies where precipitation and deformation occurs

simultaneously.

5. Despite the accelerating effect of dislocations on precipitation, the time re-

quired to reach peak strength is similar with or without prior deformation.

This is because the strength evolution with prior deformation is determined

by the kinetics of both precipitate growth and recovery.
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6. The evolution of strength during the second ageing strength can be well pre-

dicted using a simple model that considers all of the strengthening contribu-

tions. Such a model provides a useful guide in tuning the second ageing step

to obtain the desired property balance for a given application.
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Abstract

High strength Al-Zn-Mg-Cu alloys rely for their properties on nano-scaled precipi-

tates formed during artificial ageing. The evolution of these precipitates can be pro-

foundly affected by deformation. This study investigates in-situ the effect of warm

deformation on precipitation in a pre-aged 7075 aluminium alloy. Warm deforma-

tion was performed on an electro-thermo-mechanical testing machine allowing rapid

resistance heating to the target temperature. Transmission electron microscopy

demonstrated the precipitates in the warm deformed sample were slightly larger

than in a condition subject to the same thermal treatment without deformation,

but still homogeneously distributed. Synchrotron small angle X-ray scattering re-

vealed the growth rate of precipitates was strongly accelerated by deformation. In

the range of low plastic strains, the precipitate growth rate linearly increased with

the applied strain. In the range of high plastic strains, the relation between the

precipitate growth rate and the applied strain slightly deviated from the linear be-

haviour. The temperature and strain rate effects were also studied, with a stronger

enhancement effect at a low temperature and a fast strain rate for a given strain.

Upon finishing plastic deformation, the deformation enhancement effect was rapidly

lost (within 400s for the condition studied). The evolution of the enhanced growth

rate during and after deformation can be reasonably fitted to predictions of the

excess vacancy concentration, which is consistent with the idea that the enhanced

precipitate growth rate during warm deformation is mainly attributed to the effect

of strain-induced excess vacancies. However, the simple excess vacancy model used

does not correctly capture the observed strain rate effect, and possible explanations

for this discrepancy are discussed.
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7.1 Introduction

Al-Zn-Mg-Cu alloys obtain their high strength by forming nano-scale precipitates

from the supersaturated solid solution. Extensive studies have demonstrated de-

formation can strongly affect the thermodynamics and kinetics of the precipitation

process [1, 2, 3]. The instantaneous effect of deformation on precipitation is partic-

ularly of interest since it is the most relevant case to the industrial warm forming

process.

Previous studies have shown the dynamic interactions between deformation and

precipitation at warm temperature is mainly governed by the excess vacancies pro-

duced during plastic straining by the non-conservative motion of dislocation jogs

[2, 4, 5, 6]. The concentration of excess vacancies can profoundly influence the diffu-

sion of solutes. In a pre-aged microstructure, the effect of excess vacancies has been

observed on accelerating the growth and coarsening of pre-existing precipitates at

warm temperature[2, 4, 5]. In a supersaturated microstructure, it has been reported

excess vacancies can promote the nucleation of new clusters during cyclic loading at

room temperature[7, 8].

Apart from the initial temper condition, the dynamic interactions between de-

formation and precipitation are also strongly affected by the parameters of the de-

formation process, such as strains, strain rates and temperatures, which controls

the vacancy production and annihilation [9, 10]. Previous studies on pre-aged mi-

crostructures under uni-axial tensile strains have observed an enhanced growth rate

with a strain dependency [2, 4]. In these cases, vacancy production dominates the

overall evolution with negligible effect from vacancy annihilation at the vacancy

sinks. When dislocations are the primary vacancy sinks, a low dislocation density

is usually necessary to ensure that the spacing of dislocations is smaller than the

distance of vacancy diffusion. However, in cases where dislocations can accumulate

to a high density, the impact of vacancy annihilation on dislocations must be taken

into consideration.

Another limitation of previous studies is that most experimental investigations of

the dynamic precipitation in 7xxx aluminium alloys are limited to one deformation

temperature for a given microstructure (temper condition) [2, 4, 5, 6, 7]. Since
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vacancy annihilation is a diffusion-controlled process, the temperature is expected

to play an important role on controlling the overall vacancy evolution.

The key objective of the present study is to investigate dynamic precipitation in

a pre-tempered microstructure that shows a significant work hardening capability.

The vacancy annihilation and its effect on the precipitate growth rate during and

after deformation are investigated at different temperatures.

7.2 Methodology

7075 aluminium alloy sheets of 1.5mm thickness with the nominal composition

shown in table 7.1 produced from commercially direct-chill cast and rolled plates

were supplied by Constellium C-TEC (France) in the as-fabricated condition (F

temper).

Table 7.1: Nominal composition of AA7075 in wt.%
Zn Mg Cu Si Fe Mn Cr Al

AA7075 5.6 2.5 1.6 0.2 0.25 0.15 0.23 Bal

Uni-axial deformation at warm temperature was performed on an Instron electro-

thermo-mechanical testing machine (ETMT), which was integrated on the I12 beam-

line of Diamond Light Source enabling in-situ microstructural characterisation. This

instrument (ETMT) allows rapid specimen heating up to 200◦C s−1 using resistance

heating with direct current (DC), and fast cooling up to 100◦C s−1 by water cooling

the holding grips.

Tensile specimens of 3.5mm width and 15mm gauge length were prepared us-

ing electrical discharge machining. To dissolve the large precipitates present in the

F-temper condition and produce a fully solutionized microstructure, solution heat

treatment was performed in an air recirculating furnace at 480◦C for 1.5 h, followed

by water quenching to room temperature. To produce a consistent pre-aged mi-

crostructure, samples were immediately subjected to an isothermal pre-ageing pro-

cess at 80◦C in an air recirculating furnace for 8 h. Prior to loading in the ETMT,

K-type thermocouples were resistance spot welded onto the centre of the gauge area

to monitor the temperature of the sample during the thermomechanical process.
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Figure 7.1: Temperature profile of samples deformed at 120◦C and 150◦C with the
slow strain rate 1×10−4 s−1. Upon reaching the target strain, load was immediately
reduced to 0N. The sample was maintained at the target temperature for additional
400 seconds.

Uni-axial tensile tests were performed individually at 120◦C and 150◦C with a

heating rate of 10◦C s−1. Upon reaching the target temperature, an additional 5

seconds of holding was applied to stabilise the temperature before any deformation.

Average strain rates for plastic deformations were calculated by fitting a linear

function on the strain-time plot. Nominal average strain rates of 1×10−4 s−1, 2×10−4

s−1 and 2 × 10−3 s−1 were measured for slow, intermediate and fast deformation.

Upon reaching the target strain, samples were immediately unloaded to prevent

further plastic deformation. The temperature was then maintained for additional

400 seconds with measurements continued to study the decay in the deformation

enhancement effect. An example thermal history for samples deformed at 120 and

150◦C with an average strain rate of 1× 10−4 s−1 is shown in Figure 7.1.

Reference samples that underwent exactly the same thermal history but without

any deformation were also prepared using the ETMT. For reference samples, the load

was maintained at zero throughout the thermomechanical process to avoid plastic

deformation due to thermal expansion or contraction.

In-situ small angle X-ray scattering (SAXS) experiments were performed at I12

beamline, Diamond Light Source, UK. X-ray energy was selected as 55keV which

is capable of penetrating 1.5mm thickness aluminium alloys. A Pilatus 2M CdTe

detector with 1475×1679 pixels (172×172 µm2 pixel size) was located 4.5m from

the sample to collect the scattering signals. Under the present experimental config-
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uration, the accessible scattering vector range is from 0.02 to 0.8 Å−1. Depending

on the deformation strain rate, the data acquisition rate was set as 1Hz for the fast

deformation (2 × 10−3 s−1) and 0.5Hz for the intermediate and slow deformation

(2× 10−4 and 1× 10−4 s−1). A pure aluminium sample with the same thickness of

1.5mm was used to identify the instrument and background noise.

2-dimensional scattering patterns were analysed using an open source software

DAWN 2.23.0 [11]. The 1-dimensional graph of intensity-q was obtained by perform-

ing azimuthal integration, which is the process of circularly averaging the scattering

signals at each scattering vector q. The instrument and background noise identified

by the pure aluminium was subtracted from the total scattering intensity. Porod

plots (Iq4 vs q4) were then made to further identify the background noise caused by

the Laue scattering of the disordered solid solution [12]. After subtracting all these

noise signals, Kratky plots (Iq2 vs q) were made to quantify the precipitates.

By indexing the scattering vector q corresponded to the peak of the Kratky plot,

the Guinier radius can be calculated as
√
3

qpeak
[12, 13]. Guinier radius, describing the

electron density weighted root-mean-square distance from the centre of the object,

is an effective measurement of the overall size of the particles [14]. For monodis-

persed spherical particles, the true radius can be obtained by multiplying Rg with

a proportional factor of
√

5/3. Although precipitates in 7xxx alloys are often poly-

dispersed, it has been previously demonstrated that Rg alone can provide a robust

measurement of the average precipitate radius without a proportional factor [15].

Transmission electron microscopy (TEM) was performed on a ThermoFisher

Talos F200X instrument equipped with a high-brightness field emission gun (X-

FEG) operating at an accelerating voltage of 200kV. To produce electron transparent

areas, twin jet electropolishing was performed at 15V and -40 ◦C in nitric acid and

methanol solution (1:3 vol%) on samples that had been mechanical ground to 80 µm

thickness. For the purpose of identifying the precipitate phase, bright field images

were taken with the beam aligned to the <110>zone-axis.
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7.3 Results

7.3.1 Effect of plastic strain and strain rate

Results collected from samples deformed at 150 ◦C with three different strain rates

(1×10−4 s−1, 2×10−4 s−1 and 2×10−3 s−1) are used to investigate the effect of strain

and strain rate on the evolution of precipitation during and after warm stretching.

Figure 7.2 shows the true stress-strain response. In the range of strain rates

selected in this study, no distinctive difference was observed in the yield stress be-

tween samples deformed with different strain rates. However, at a given plastic

strain, the sample deformed with a faster strain rate exhibited slightly higher plas-

tic flow stress, indicative of a higher work hardening rate. It is worth noting that

these tensile tests were interrupted before the onset of necking to ensure a uniform

distribution of deformation. However, due to limitations in the control system of

the ETMT, the tests could not be stopped at precisely the same strain, resulting

in minor variations in the end strain values. Nonetheless, these differences are not

expected to have a significant impact on the overall results.
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Figure 7.2: True stress-strain curves of samples deformed at 150◦C with different
strain rates.

Observations of the microstructure were conducted on the sample deformed at

150◦C with the intermediate strain rate (2×10−4 s−1) to 8% strain without additional

400s ageing, and the reference sample which has the same thermal history but

without any deformation. Examples of the bright field TEM images are shown

in figure 7.3. Slightly larger and more widely spaced precipitates are observed in the
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Figure 7.3: Bright field TEM images taken along <110>zone axis (a) from the
sample deformed at 150◦C with 2 x 10−4 s−1 strain rate to 8% strain. (b) from the
sample having identical heat treatments but without deformation.

deformed sample than in the non-deformed sample. Dislocation structures are also

found in the deformed sample (figure 7.3 (a)). It can be seen that the precipitates

on and near the dislocations are not distinctively larger than those in the matrix.

In both samples, the spatial distribution of precipitates is relatively homogeneous.

The precipitates are identified as η′ from the diffraction pattern. The average radius

is measured as 1.2± 0.3 nm for the deformed sample and 0.9± 0.2 nm for the non-

deformed sample.

Figure 7.3 further exemplifies that in the deformed sample, most of the pre-

cipitates have their morphology close to spherical. Whereas in the non-deformed

sample, in addition to a large number of spherical precipitates, plate-shaped pre-

cipitates can also be observed. Similar diffraction patterns are obtained in both

samples, indicating that the precipitate phase is the same in both deformed and

non-deformed states.

In this study, the evolution of the Guinier radius during the thermomechanical

process is monitored in real-time by using synchrotron small angle X-ray scattering.

After the primary data cleansing as described in the previous section, the raw values

of the Guinier radius from the Kratky plots were further smoothed by averaging the

adjacent 10 data points. Figure 7.4 shows examples of this smoothing process on

samples deformed at 150 ◦C with the slow (1× 10−4 s−1) and intermediate (2× 10−4

s−1) strain rates. It demonstrates that the present smoothing process retains the
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Figure 7.4: Examples of the smoothing process of the raw Guinier radius collected
from samples deformed at 150 ◦C with (a) the slow strain rate (1×10−4 s−1) and (b)
the intermediate strain rate (2× 10−4 s−1). Raw data are marked by the scattering
points. Solid lines represent the smoothed data. Dash lines, which are calculated as
± 2% of the smoothed data, capture the upper and lower bounds of the raw data,

critical features of the raw scattering data. It further illustrates that the upper and

lower bound of the raw data can be well captured by the ± 2% of the smoothed

data.

The evolution of Guinier radius during deformation, collected from samples de-

formed at 150 ◦C with different strain rates, is shown in figure 7.5, as a comparison

to the change of Guinier radius in the reference sample having the same thermal

history but without any deformation. It is clear that at a given time and strain

rate, samples deformed at warm temperatures showed a larger Guinier radius than

the sample only heated at the same temperature. Figure 7.5 further shows that at

a given strain rate, the discrepancy of Guinier radius between deformed and non-

deformed samples increased with time. Considering the plastic strain is proportional

to the time at a given strain rate, it can be inferred that the growth of the Guinier

radius accelerated with the plastic strain.

Figure 7.6 shows the change of precipitate growth rate as a function of time and

strain. As expected, the growth rate of precipitates in the non-deformed sample

is relatively constant and distinctly smaller than in the deformed samples. For all

deformed cases, the growth rates increase with the deformation time (strain) in a

close to linear manner. Figure 7.6 (b), which is a comparison at iso-strain, further

illustrates the effect of strain rate on the precipitate growth rate. It can be seen

that at low plastic strain, the growth rate shows little dependency on the strain rate.
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Figure 7.5: The evolution of Guinier radius during deformation at 150 ◦C with
different strain rates, compared to the reference sample that only being heated at
150 ◦C without any deformation

Figure 7.6: The evolution of the precipitate growth rate at 150 ◦C (a) as a function
of time and (b) as a function of plastic strain.

With increasing the plastic strain, samples deformed with the fast strain rate show

a significantly higher growth rate than samples deformed with the intermediate and

slow strain rates.

7.3.2 Effect of temperature

To investigate the temperature effect on the dynamic precipitation, uni-axial warm

stretching tests were performed at 120 ◦C and 150 ◦C at the slow strain rate (1 ×

10−4 s−1). The true stress-strain curves are shown in figure 7.7. As expected, the

deformation temperature has a significant effect on the flow stress, with the sample

deformed at 120 ◦C exhibited higher yield stress and plastic flow stress than the

sample deformed at 150 ◦C. A slightly higher work hardening rate was also observed
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Figure 7.7: True stress-strain curves of samples deformed at 150 ◦C and 120 ◦C with
the slow strain rate (1× 10−4 s−1).

in the sample deformed at 120 ◦C.

Figure 7.8: The evolution of (a) Guinier radius as a function of time (b) growth rate
as a function of strain during deformation at 150 ◦C and 120 ◦C with the slow strain
rate (1× 10−4 s−1), compared to reference samples that only being heated at 150 ◦C
and 120 ◦C without any deformation

Figure 7.8 compares the evolution of Guinier radius at 120 ◦C and 150 ◦C in

samples with or without deformation. As expected, due to the effect of temperature

on diffusivity, in samples without any deformation, a larger Guinier radius can be

found in the sample heated at 150 ◦C at a given time, indicating a faster precip-

itate growth rate than the sample heated at 120 ◦C. The effect of deformation on

enhancing precipitation kinetics can be determined by comparing the curves for the

deformed and non-deformed cases. It can be seen that even though the Guinier

radius is smaller at 120 ◦C than at 150 ◦C, the difference between the deformed and

non-deformed cases is much greater, indicating that the deformation enhancement
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effect during plastic straining is stronger at the lower temperature.

Figure 7.9 illustrates the evolution of the growth rate during additional holding

at 150◦C and 120◦C after removal of the plastic stress. Overall, it shows that the

growth rate of precipitates in the deformed sample diminishes quickly during the

isothermal holding after deformation, approaching that of the non-deformed case.

Figure 7.9 also demonstrates that the decay of the precipitate growth rate is slightly

faster at higher temperatures than at lower temperatures. For samples deformed

at 150◦C, the growth rate of precipitates decreased by 40% within 370 seconds of

holding, while for the sample deformed at 120◦C, it took 460 seconds to achieve

the 40% reduction in the growth rate. A simple linear extrapolation suggests that

the deformation enhancement effect would be lost completely after around 500s at

150◦C and 1000s at 120◦C, although experimental limitations preventing continued

monitoring for these extended times.

Figure 7.9: The growth rate of precipitates during additional holding at (a) 150 ◦C
and (b) 120 ◦C after the deformation, compared to the reference samples without
any deformation.

7.4 Discussion

The present study investigated the instantaneous effect of warm deformation on pre-

cipitation in a pre-aged Al-Zn-Mg-Cu alloy under various deformation conditions.

Using the same pre-ageing process, our previous studies have demonstrated the pre-

cipitate evolution of this pre-aged microstructure at 120◦C and 185◦C was governed

by the growth of pre-existing precipitates rather than the nucleation of new precip-
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itates [16, 17]. Therefore, the discussion in this study will be limited to the effect

of deformation on the evolution of precipitate size. Results from this work can then

be directly compared with the previous study [2]. A key novelty of the present

study is that the precipitation evolution upon removing plastic stress was tracked

for additional 400 seconds at the same temperature, which can provide important

information to better understand the decay of the enhanced precipitation kinetics

when deformation stops.

It has been clearly demonstrated (in figure 7.5 and 7.8) deformation at warm

temperatures can strongly affect the evolution of precipitate size. The effect was

observed in enhancing the growth of pre-existing precipitates developed during the

pre-ageing process. Previous studies have shown, in aluminium alloys, this enhance-

ment effect of warm deformation at temperatures below 200◦C is mainly controlled

by the mechanically produced excess vacancies which have effects far more signif-

icant than the direct effect of dislocations acting as fast diffusion paths or as the

preferred nucleation sites [2, 5, 9]. TEM images (figure 7.3) provide direct evidence

of this claim. The precipitate distribution in the deformed sample is still relatively

homogeneous. Despite a few precipitates being aligned along the dislocations, no

distinctive difference in size can be noticed compared to the precipitates in the

matrix.

In the hope to explain the observed enhancement effect caused by deformation,

a phenomenological excess vacancy model (equation 7.1) is applied, which considers

the total excess vacancy concentration as a result of the competing effect of produc-

tion by the non-conservative motion of dislocations and annihilation by the diffusion

to vacancy sinks such as dislocations and grain boundaries [9, 18]. Since the effect of

dislocations on vacancy annihilation is of interest to this study, a simple empirical

law (equation 7.2), describing the dislocation density increases from an initial to

a saturation value, is used to estimate the evolution of dislocation density during

plastic straining [9, 18]. It must be emphasised that the dislocation density values

here are not expected to be accurate as the dislocation arrangement factor κ is not

experimentally obtainable. Rather than over-interpreting the dislocation density,

attention should be paid to the ratio of dislocation density to the square of the

arrangement factor ( ρ
κ2 ) which determines the overall effect of vacancy annihilation
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Table 7.2: Parameters for the excess vacancy model
Symbol Parameters Value

ε̇ strain rate from experiments
σ plastic stress from experiments
L grain size 50µm [9, 10]
Ω atomic factor 1.66 x 10−19 m3 [9, 10]
b burgers vector 0.29nm
Ej jog formation energy 0.3eV [18]
cj thermal jog concentration calculated using Ej

Qf vacancy formation energy 0.76eV [2]
Qm vacancy migration energy 0.8eV
D0

v pre-factor for vacancy diffusion 1x 10−5 m2 s−1 [19]
κ dislocation arrangement factor 1 [10, 18]
χ mechanical vacancy production term 0.1 [9, 18]
ζ thermal jog vacancy production term 0.5[10, 18]

DMg
v pre-factor for solute (Mg) lattice diffusion 1x 10−5 m2 s−1 [20]

QMg activation energy for solute (Mg) lattice diffusion 117.71kJ mol−1 [20]
β0 materials constant for dislocation model 500MPa [9]
ρ(0) initial dislocation density 1x 1010 m2 [9]
ρs saturated dislocation density 1 ∼ 4 x 1013 m2

on dislocations. All parameters used in the model are summarised in table 7.2.

dCv

dt
=

dC+
v

dt
− dC−

v

dt
=

(
χ
σΩ

Qf

+ ζ
cjΩ

4b3

)
ε̇− (

ρ

κ2
+

1

L2
)DvCv (7.1)

ρ(t) = ρs − (ρs − ρ(0))exp

(
− t

β

)
(7.2)

Figure 7.10 shows the predicted vacancy production, vacancy annihilation, the

overall vacancy concentration and dislocation evolution for all straining conditions

investigated in this study. At a given strain rate, the vacancy production is pro-

portional to the applied plastic strain, as expected from the first term of equation

7.1. As dislocations accumulate (equation 7.2), ρ
κ2 also increases with the plastic

strain, promoting the annihilation of vacancies. This eventually results in the over-

all vacancy concentration deviating from the vacancy production. Notably, when

samples are deformed to the same plastic strain, a higher ρ
κ2 is estimated in the

sample deformed with a faster strain rate. However, slower vacancy annihilation is

predicted, which is due to the insufficient time for diffusion at a fast strain rate.

To quantitatively investigate the contribution of deformation on the precipitate
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Figure 7.10: The evolution of vacancy concentration and dislocation density as a
function of the plastic strain during deformation. κ is the arrangement factor in the
range of 1 (homogeneous) to 10 (cellular).

growth rate, the evolution of overall vacancy concentration shown in figure 7.10 is

used to fit the deformation enhanced growth rate which is calculated by subtracting

the precipitate growth rate in the non-deformed sample from the deformed samples.

Figure 7.11 demonstrates that for all experimental conditions in the present study,

the evolution of deformation enhanced growth rate can be reasonably fitted by the

change of the excess vacancy concentration.

Figure 7.11 (a, c and e) reveal the enhancement effect during straining is a func-

tion of strain and strain rate. At a given strain rate, the growth rate of precipitates

increases with the plastic strain in a close to linear relationship, which is consistent

with the observation by Deschamps et al.[2] in a similar 7xxx aluminium alloy in

pre-aged conditions. In addition, the present results also show the relationship be-

tween plastic strain and precipitate growth rate eventually deviated from the linear

behaviour, once the sample is subjected to a large plastic strain. Although this is not

reported in previous experimental studies, this observation can still be rationalised
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Figure 7.11: The evolution of deformation enhanced growth rate and excess vacancy
concentration (a, c and e) as a function of plastic strain during deformation, (b, d
and f) as a function of time during the additional 400 seconds holding at 150 ◦C
after the deformation. (a and b) were collected from the slow strain rate test. (c
and d) were collected from the intermediate strain rate test. (e and f) were collected
from the fast strain rate.

by the excess vacancy model. As shown in figure 7.10, the close to linear relation-

ship is a result of negligible vacancy annihilation compared to vacancy production.

With increasing the plastic strain, the accumulation of both excess vacancies and

dislocations enhances the rate of vacancy annihilation (the second term in equation

7.1) leading to the deviation from the linear behaviour.
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Upon stopping the plastic deformation, the enhanced growth rates starts de-

creasing. Figure 7.11 (b, d and f) shows the decay of the deformation enhanced

growth rate can be explained by the annihilation of vacancies on the dislocations.

The excess vacancy decay rate depends on ρ
κ2 and concentration of excess vacancies

after deformation. Since both of these factors will be greater at a higher strain rate

(figure 7.10), the decay rate is seen to be faster when the deformation step was

at a higher strain rate. For the fast deformed sample, 95% the enhanced growth

rate was lost during 400 seconds holding at 150 ◦C. Whereas samples deformed with

intermediate and slow strain rates respectively lost 75% and 60% of the enhanced

growth rates.

Figure 7.12: The evolution of deformation enhanced growth rate and excess vacancy
concentration (a) as a function of plastic strain during deformation at 150 ◦C and
120 ◦C with the slow strain rate (1× 10−4 s−1), (b) as a function of time during the
additional 400 seconds holding at 150 ◦C and 120 ◦C after the deformation.

The excess vacancy model is also used to explain the observed temperature de-

pendency of the enhanced growth rate (figure 7.12). The first term in equation 7.1

demonstrates that the production of excess vacancy is sensitive to plastic stress. In

the present study, the plastic stress in the sample deformed at 120◦C is significantly

higher than the sample deformed at 150◦C, which results in a higher production

rate at 120◦C at a given strain. Despite a higher dislocation density estimated for

the sample deformed at 120◦C (figure 7.10), the vacancy annihilation is still slightly

slower than the sample deformed at 150◦C (figure 7.12 (b)) due to the strong temper-

ature dependency of diffusion. Therefore, the combining effect of fast production and

slow annihilation together results in the strong enhancement at 120◦C during plastic

straining. The temperature dependency of diffusion also governs the annihilation of
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excess vacancies, hence the decay of precipitate growth rate, during the subsequent

isothermal holding. As shown in Figure 7.12 (b), the deformation-enhanced growth

rate decreases slightly faster at 150◦C than at 120◦C.

Overall, the observation of the temperature effect on deformation enhanced

growth rate is consistent with the previous modelling work of excess vacancy ef-

fect on dynamic precipitation in 7xxx aluminium alloys, which predicts a stronger

enhancement effect in the sample deformed at a lower temperature than at a higher

temperature [9]. The fast decay of the enhanced growth rate after deformation in-

dicates rapid annihilation of excess vacancies to sinks. This suggests compared to

that after quenching [9], the excess vacancies accumulated during plastic straining

are unlikely to strongly accelerate any post-deformation aging processes which may

be several hours duration.

The last topic to be discussed is the strain rate dependency of the growth rate

enhancement to the excess vacancy evolution. It should be noted that the fitting in

figure 7.11 can only be obtained by re-scaling the maximum value of the enhanced

growth rate to the maximum calculated excess vacancy concentration. The simple

excess vacancy model (equation 7.1) predicts that in the low strain regime, where

annihilation is negligible, the excess vacancy concentration should depend only on

the plastic work and not the strain rate. Within the range of strain rates used

in this study (1 × 10−4 s−1 to 2 × 10−3 s−1), figure 7.5 (b) clearly shows a faster

precipitate growth rate in the sample deformed with a faster strain rate, at a given

strain and temperature. When samples were deformed to 8% strain, increasing

the strain rate by a factor of 10 from 2 × 10−4 s−1 to 2 × 10−3 s−1 resulted in

3.8 times increase of the enhanced growth rate. A similar enhancement factor is

reported when supersaturated AA7075 was deformed at 180◦C [6]. However, this

is inconsistent with the previous study reported by Deschamps et al. [2], in which

strain rate independence was rationalised by the negligible annihilation of vacancies

throughout the straining process.

In the present study, strain rate dependence was observed even in the regime

where annihilation of excess vacancies by thermal diffusion to forest dislocation is

negligible. This contradicts the simple excess vacancy model and suggests that

this model is missing some potentially important physics. For example, at lower
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strain rates, the possibility of excess vacancies being eliminated by diffusing to

arrested glide dislocations may increase. There is also increased time for dislo-

cation rearrangement at slower strain rates, which may sweep up excess vacancies

[9]. Therefore, the simple excess vacancy model, where excess vacancies can only

be annihilated by thermal diffusion to a static forest dislocation network, signifi-

cantly simplifies the highly dynamic process that occurs during plastic straining. A

complete understanding of these interactions will likely require more sophisticated

dislocation dynamics simulations beyond the scope of the present work.

7.5 Conclusions

The present study investigated the dynamic precipitation in a pre-aged Al-Zn-Mg-

Cu alloy under various deformation conditions. To understand the effect of strain,

strain rate and temperature, experiments were performed at 120◦C and 150◦C with

three different strain rates (1×10−4 s−1, 2×10−4 s−1 and 2×10−3 s−1). The evolution

of precipitate size was monitored during and after deformation using synchrotron

small angle X-ray scattering. An excess vacancy model was used to rationalise the

experimentally observed precipitation kinetics. The following conclusions may be

drawn from this work:

1. The evolution of precipitate size can be significantly accelerated by apply-

ing plastic deformation at warm temperatures. The effect of deformation on

precipitation is influenced by the magnitude of strains, strain rates, and tem-

peratures. Upon removing the plastic stress, the enhancement effect quickly

diminishes, suggesting the strong enhancement effect of deformation is not

dominated by the enhanced diffusion along dislocation pipes, which are ex-

pected to provide a weaker enhancement.

2. TEM images reveal the precipitates after warm deformation are homoge-

neously distributed within the matrix with a slightly larger size than the ref-

erence condition with the same thermal history but without any deformation.

This is consistent with the effect of excess vacancies enhancing the precipitate

growth rate.
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3. In the range of low plastic strains (< 6%), the enhancement effect of deforma-

tion on the precipitate growth rate shows a close to linear relationship to the

plastic strain.

4. In the range of high plastic strains (> 6%), the relationship between the

enhanced growth rate and the plastic strain can deviate from the linear be-

haviour, which is due to a strong annihilation effect of vacancies on the dislo-

cations.

5. For a given strain and strain rate, the enhancement effect of deformation on

the precipitate growth rate is stronger at a low temperature than at a high

temperature, which is a result of fast vacancy production due to high plastic

stress and slow vacancy annihilation due to slow diffusion.

6. A simple excess vacancy model is capable of predicting the strain and temper-

ature dependency of the deformation-enhanced growth rate, but not the strain

rate dependency observed in this study. More advanced dislocation dynamics

models are likely required to predict this complicated behaviour.

Acknowledgements

Constellium is thanked for the provision of materials and financial support for

this research. The EPSRC is thanked for financial support through the grant

(EP/S021531/1) and the associated programme grant LightFORM (EP/R001715/1).

Z.M. thanks the financial support from EPSRC grant Centre for Doctoral Training in

Advanced Metallic Systems (EP/S022635/1) for his PhD research. J.D.R. acknowl-

edges the support of the DSTL/RAEng Chair in Alloys for Extreme Environments.

The data required to reproduce these findings are available from the LightFORM

Zenodo repository https://zenodo.org/communities/lightform/.

Bibliography

[1] A. Deschamps, F. Livet, Y. Brechet, Influence of predeformation on ageing in

an al–zn–mg alloy—i. microstructure evolution and mechanical properties, Acta

192

https://zenodo.org/communities/lightform/


BIBLIOGRAPHY 193

materialia 47 (1) (1998) 281–292.

[2] A. Deschamps, G. Fribourg, Y. Brechet, J. L. Chemin, C. Hutchinson, In situ

evaluation of dynamic precipitation during plastic straining of an al–zn–mg–cu

alloy, Acta materialia 60 (5) (2012) 1905–1916.

[3] M. Kumar, C. Poletti, H. P. Degischer, Precipitation kinetics in warm forming

of aw-7020 alloy, Materials Science and Engineering: A 561 (2013) 362–370.

[4] L. Couturier, A. Deschamps, F. De Geuser, F. Fazeli, W. Poole, An investiga-

tion of the strain dependence of dynamic precipitation in an al-zn-mg-cu alloy,

Scripta Materialia 136 (2017) 120–123.

[5] W. Mirihanage, J. Robson, S. Mishra, P. Hidalgo-Manrique, J. Q. da Fonseca,

C. Daniel, P. Prangnell, S. Michalik, O. Magdysyuk, T. Connolley, et al., Direct

observation of the dynamic evolution of precipitates in aluminium alloy 7021

at high strain rates via high energy synchrotron x-rays, Acta Materialia 205

(2021) 116532.

[6] J. Robson, P. Jessner, M. Taylor, Z. Ma, Dynamic precipitation in supersatu-

rated al–zn–mg–cu alloy during warm stretching, Metallurgical and Materials

Transactions (2023) 1–11.

[7] C. Hutchinson, F. De Geuser, Y. Chen, A. Deschamps, Quantitative measure-

ments of dynamic precipitation during fatigue of an al–zn–mg–(cu) alloy using

small-angle x-ray scattering, Acta materialia 74 (2014) 96–109.

[8] W. Sun, Y. Zhu, R. Marceau, L. Wang, Q. Zhang, X. Gao, C. Hutchinson, Pre-

cipitation strengthening of aluminum alloys by room-temperature cyclic plas-

ticity, Science 363 (6430) (2019) 972–975.

[9] J. Robson, Deformation enhanced diffusion in aluminium alloys, Metallurgical

and Materials Transactions A 51 (10) (2020) 5401–5413.

[10] M. Bignon, P. Shanthraj, J. D. Robson, Modelling dynamic precipitation in pre-

aged aluminium alloys under warm forming conditions, Acta Materialia (2022)

118036.

193



194 BIBLIOGRAPHY

[11] M. Basham, J. Filik, M. T. Wharmby, P. C. Chang, B. El Kassaby, M. Ger-

ring, J. Aishima, K. Levik, B. C. Pulford, I. Sikharulidze, et al., Data analysis

workbench (dawn), Journal of synchrotron radiation 22 (3) (2015) 853–858.

[12] F. De Geuser, A. Deschamps, Precipitate characterisation in metallic systems

by small-angle x-ray or neutron scattering, Comptes Rendus Physique 13 (3)

(2012) 246–256.

[13] A. Deschamps, F. Bley, F. Livet, D. Fabregue, L. David, In-situ small-angle

x-ray scattering study of dynamic precipitation in an al-zn-mg-cu alloy, Philo-

sophical Magazine 83 (6) (2003) 677–692.

[14] H. Brumberger, D. Hagrman, J. Goodisman, K. Finkelstein, In situ anomalous

small-angle x-ray scattering from metal particles in supported-metal catalysts.

ii. results, Journal of applied crystallography 38 (2) (2005) 324–332.

[15] A. Deschamps, F. De Geuser, Quantitative characterization of precipitate mi-

crostructures in metallic alloys using small-angle scattering, Metallurgical and

Materials Transactions A 44 (1) (2013) 77–86.

[16] Z. Ma, E. Cooksey-Nash, D. Barbier, J. Robson, Microstructural stability and

paint bake response of pre-aged aa7075, Materials Characterization 200 (2023)

112862.

[17] Z. Ma, J. Robson, Understanding the effect of deformation combined with heat

treatment on age hardening of al-zn-mg-cu alloy aa7075, Materials Science and

Engineering: A (2023) 145212.

[18] M. Militzer, W. Sun, J. Jonas, Modelling the effect of deformation-induced va-

cancies on segregation and precipitation, Acta metallurgica et materialia 42 (1)

(1994) 133–141.

[19] J. Embury, R. Nicholson, The nucleation of precipitates: the system al-zn-mg,

Acta Metallurgica 13 (4) (1965) 403–417.

[20] R. Picu, D. Zhang, Atomistic study of pipe diffusion in al–mg alloys, Acta

materialia 52 (1) (2004) 161–171.

194



Chapter 8

Conclusions

The main objective of this thesis is to examine the complex interactions between

deformation and precipitation in a commercial 7075 aluminium alloy. Chapter 4

presents the work of investigating the immediate effect of deformation on the early

stages of clustering in a supersaturated microstructure at 180◦C. This was achieved

by performing the solution treatment, quenching, and warm stretching sequentially

using a dilatometer. Chapter 5 presents the work of optimising the pre-ageing strat-

egy by characterising the precipitate evolution during pre-ageing, natural ageing and

paint baking. Employing the pre-ageing strategy proposed in chapter 5, chapter 6

provides a comprehensive study of using dislocation hardening and precipitation

strengthening together to achieve over T6 strength. And finally, chapter 7 presents

an in-situ examination of the concurrent effect of precipitation and deformation in

this pre-aged microstructure at warm temperatures. Detailed conclusions are pre-

sented in each chapter. The subsequent paragraphs consolidate the key conclusions

may be drawn from this thesis.

1. In a supersaturated microstructure, deformation at a temperature of 180 ◦C

has a significant impact on precipitation, which is primarily observed through

enhancing the growth of small clusters/precipitates rather than increasing the

nucleation of new clusters or precipitates. The enhancement effect of defor-

mation on the growth of precipitates is consistent with the expected effect of

strain-induced excess vacancies increasing the diffusion rate of solutes.

2. Pre-ageing 8 hours at 80 ◦C can stabilise the microstructure against natural
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ageing up to at least 7 months, which still allows 94% of the T6 strength to

be achieved during a short 20 minutes paint–bake treatment at 185 ◦C. If the

paint-bake time is longer than 20 minutes, the heating rate used to reach the

paint-bake temperature has no significant impact on the final hardness, the

size and fraction of precipitates. This is because compared to a faster heating

rate, a slower heating rate results in a greater increase in precipitate size and

fraction during the heating ramp, which leads to the removal of solute and

slows down subsequent evolution during the isothermal hold.

3. Pre-ageing for 8 hours at 80 ◦ results in a greater retained work hardening when

a 10% uni-axial stretch is used after the pre-ageing step, which activates sig-

nificant dislocation strengthening leading to a strength level higher than those

achieved through the T6 tempering process. However, this initial straining

depletes some of the work hardening capacity, allowing for only an additional

8% elongation in the subsequent straining process. The second heat treatment

can further adjust the mechanical properties and precipitation state. A heat

treatment of 6 hours at 120 ◦C can enhance precipitation and partly recover

the stored dislocations. As a result, the material exhibits a 0.2% proof stress

of 590 MPa higher than the T6 level of 560 MPa, and an additional 11% strain

to failure higher than the 8% without the second heat treatment.

4. For this pre-aged microstructure, deformation at room temperature has a min-

imal impact on the size and volume fraction of precipitates formed during pre-

ageing, but it does expedite precipitate growth in the final ageing step. The

growth rate were found to be enhanced by 1.5-2.5 times, which is consistent

with the predicted effect of increased diffusion along dislocation pipes.

5. When this pre-aged sample is deformed at warm temperatures, the precipi-

tates evolve significantly, and the enhancement effect of deformation on the

growth of precipitates during deformation is much stronger than that post-

deformation. Upon removing the plastic stress, the enhancement effect dimin-

ishes rapidly. This is consistent with the hypothesis that the strong growth

enhancement effect during deformation is primarily driven by strain-induced

excess vacancies, rather than the enhanced diffusion along dislocation pipes.
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6. The enhanced growth rate of precipitates during warm deformation is strongly

influenced by factors such as the magnitude of strain, strain rate, and temper-

ature. At low plastic strains (below 6%), the impact of deformation on precip-

itate growth shows a nearly linear relationship to the plastic strain. However,

at high plastic strains (above 6%), the relationship between the growth rate

and plastic strain can deviate from this linear behaviour due to annihilation

effect of vacancies on the dislocations. Furthermore, at a given strain and

strain rate, the effect of deformation on the growth rate of precipitates is more

pronounced at low temperatures compared to high temperatures, primarily

because of the high production of vacancies caused by the high plastic stress

and the slow annihilation of vacancies due to slow diffusion.

7. The strain and temperature dependence of the deformation-enhanced growth

rate observed in both pre-aged and supersaturated microstructure can be pre-

dicted by a simple excess vacancy model. However, the model cannot accu-

rately predict the observed strain rate dependency, indicating that it is an

inadequate explanation of the complex interactions between mobile disloca-

tions and precipitation.

8.1 Future work

The present study has revealed following areas which might be of interest for future

work:

1. While this study has contributed to the design of pre-ageing strategies based

on precipitation behaviour for the application of 7075 aluminium alloys in the

automotive industry, there are still questions that could be addressed in future

work. Particularly, the formability of the proposed pre-aged microstructure

under various forming conditions could be investigated in greater detail. This

could involve collecting more stress-strain responses and developing forming

limit diagrams.

2. Another potential avenue for future research is to validate the proposed pre-

ageing strategy on other high strength 7xxx aluminium alloys and explore the
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potential effect of the proposed double ageing practice (pre-ageing plus paint

baking) on the behaviour of stress corrosion cracking which is a major concern

for high strength Al-Zn-Mg-Cu alloys.

3. In Chapter 4, the investigation focused on the effect of warm deformation

on cluster evolution in a supersaturated microstructure through an ex-situ

approach. However, it is essential to acknowledge that the delay between

warm deformation and the subsequent small angle X-ray scattering investiga-

tion could significantly impact the results and, consequently, the conclusions

drawn. Although efforts were made to minimize this delay and reference sam-

ples were provided, which experienced the same thermal exposure but without

deformation, the study could be enhanced by conducting in-situ experiments

utilizing advanced tools such as synchrotron X-ray and thermomechanical ma-

chines like ETMT and dilatometer.

4. In Chapter 5, our investigation centred on the evolution of precipitation during

pre-ageing and paint bake processes. While the analysis of precipitate size in

the present study has focused on the Guinier radius, it is crucial to recognize

that the evolution of the size distribution is another vital aspect when studying

precipitation in Al-Zn-Mg-Cu systems. Consequently, it is highly beneficial to

incorporate more detailed data analysis methods to obtain a comprehensive

precipitate size distribution.

5. In chapter 6, we applied a cold deformation on the pre-aged microstructure

and investigated its effect on the subsequent ageing process. Notably, an

abnormal behaviour characterized by an elongated yield point was observed

when reloading the sample after the initial 10% cold deformation. It was

further demonstrated that this behaviour can be eliminated by subjecting

the sample to additional ageing at 120 ◦C. Despite successfully addressing the

issue with additional ageing, the underlying origin of this abnormal behaviour

remains unknown. It is plausible that the phenomenon is associated with

dynamic interactions between dislocations and precipitates during the initial

10% cold deformation. Moreover, this behaviour might also be influenced

by the resting time between the 10% cold deformation and the subsequent
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reloading.

6. Another promising direction for future research is to explore the deformation

effect on precipitation under other stress state and strain paths. This could be

accomplished by conducting warm deformation under hydrostatic stress and

bi-axial or plane strain, which could provide further insights into the dynamic

interactions between deformation and precipitation.

7. Finally, it may be worthwhile to design in-situ experiments combining small

angle X-ray scattering and X-ray diffraction, which could help establish the

relationship between the evolution of precipitates and dislocation density. This

could be useful in developing more advanced dislocation dynamics models to

accurately capture the strain rate dependency of the enhanced growth rate of

precipitate during warm deformation.
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