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Microstructure Evolution and Hydrogen Embrittlement Behaviors in High-Strength
TRIP-Aided Bainitic Ferrite Steel

Yutao Zhou

Abstract

Striving for developing alloys with high strength and sufficient uniform ductility has been an
imperative challenge in structural applications. The concept of a carbide-free bainite matrix has been
developed for low-carbon low-alloy transformation-induced plasticity (TRIP)-aided steels to obtain
better mechanical properties than those of the first generation of advance high strength steels
(AHSSs) and potentially lower costs than that of the twinning-induced plasticity steels. Specifically,
the TRIP-aided steel can show ultimate tensile strength (UTS) of over 1 GPa and total elongation
(TELl) of about 25%. However, one of the challenges is hydrogen embrittlement (HE) susceptibility
that increases with increasing strength. Therefore, microstructure design approaches need to be
identified for decreasing the crack initiation probability and enhancing HE resistance. The
objective of this thesis focuses on the microstructure evolution and HE behaviors in TRIP-aided
bainitic ferrite (TBF) steel.

In this study, the effects of austempering time on the microstructure, mechanical properties,
and fracture mechanisms of Fe-0.4C-1.5Si-1.5Mn TBF steel were investigated using tensile tests
and microstructure examination. When the austempering time increased until 3600 s, the volume
fraction of retained austenite and its carbon concentration initially increased and then decreased. The
increase in carbon concentration during austempering may be attributed to the formation of fine
bainitic ferrite, representing the matrix and in turn the formation of retained austenite with a film-
type morphology. When the austempering time was increased from 0 to 1000 s, the TBF steel showed
excellent mechanical properties such as high yield strength (YS) and UTS, and uniform elongation
and TEL Meanwhile, void density increased significantly in the initial stages and then slightly
decreased. In contrast, the trend observed for mean crack length was opposite to that of void density
leading to the change in the fracture mode of the TBF steels from intergranular to quasi-cleavage
and ductile fractures. It could be inferred that the improvement in mechanical properties, especially
the good ductility, at the optimal austempering time result from the suppression of crack propagation
and occurrence of crack blunting owing to the effective deformation-induced transformation of
retained austenite.

Secondly, TBF steels performed at austempering temperature at 400 °C for 1000 s were
investigated at the deformation temperature range of -100 to 100 °C in the presence of hydrogen. In
the hydrogen-uncharged condition, the martensitic transformation was accelerated with a decrease
in the deformation temperature, resulting in a decrease in the YS and an increase in the UTS owing
to an increase in the work-hardening rates. The UEl at 21 °C was the maximum and decreased with
a decrease in the deformation temperature. The decrease in the UEI at low deformation temperature
was attributed to the increase in work hardening rates, which accelerated reaching the critical stress
for brittle cracking. This implies the occurrence of brittle premature fracture before necking. The
UEI decreased, and the brittle-like quasi-cleavage fracture occurred in the hydrogen-charged
specimens deformed at low temperatures. The transformation ratios were high at the low
deformation temperature in the hydrogen-charged and hydrogen-uncharged specimens. These might
be caused by the formation of transformed martensite that comprised supersaturated hydrogen and
hydrogen-assisted failure without macroscopic plasticity localization, i.e., necking. The significant
decrease in the UEI of the hydrogen-charged specimen tensile-tested at 100 °C was not significant
whereas the UEI decreased at 21 °C although mixed quasi-cleavage/ductile fracture features were
observed and serrated flow was exhibited in the stress-strain curves at both 21 and 100 °C, which
indicated dynamic strain aging. The decrease in the UEI tensile tested at 21 °C, might have been
caused by the Portevin-Le Chatelier (PLC) banding-related localized plasticity, which results in
significant necking and associated stress triaxiality evolution. The excellent hydrogen embrittlement
resistance of the hydrogen-charged specimen deformed at 100 °C might be attributed to the
suppression of deformation-induced martensitic transformation, which reduces the number density
of the hydrogen-related crack initiation site and decreases flow stress.



In addition, we evaluated the quantitative hydrogen and deformation temperature effects on
associated micro-damage evolution in TBF steels. The average crack length of hydrogen-uncharged
specimens slightly increased with the local strain, and a decrease in deformation temperature from
100 to -100 °C increased the average crack length due to the increase in flow stress and deterioration
of bainitic ferrite arrestability, which is accompanied by a change in the fracture mode from ductile
fractures to the mixture of brittle-like and ductile features and quasi-cleavage failure. Hydrogen
charging increased the probability of micro-damage initiation and deteriorated micro-damage
arrestability, which decreased elongation. Meanwhile, the introduction of hydrogen increased the
number density of micro-damage and deteriorated the resistance to the hydrogen-induced cracks
initiation and deteriorated micro-damage arrestability, which decreased elongation. The probability
of micro-damage initiations was sensitive to deformation temperature, which was closely related to
the promotion of deformation-induced martensitic transformation.
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Chapter 1: Introduction



1 Introduction

1.1 Background

Growing demands for achieving excellent mechanical properties, environmental
sustainability and low production costs for structural applications are the driving force
for the development of new materials [1—4]. Therefore, materials scientists and engineers
invest a lot of efforts in designing and developing next generation steel grades with
optimum mechanical properties for existing and novel technological challenges [5—8]. In
particular, advanced high-strength steels (AHSSs) with a combination of high strength
and ductility have extensively drawn attention as high performance structural parts for
automotive, energy fields and other applications [9-11]. Note that AHSSs is generally
considered to have tensile strength of over 700 MPa [12]. For example, AHSSs has been
extensively used in the automotive industry to reduce the weight of body-in-white and
fuel economy as well as to improve vehicle safety, as shown in Figure. 1-1 [13-15]. In
addition, some structural components in pressurized water reactor use AHSSs instead of
carbon steel for reliability and safety (Figure. 1-2) [16]. Therefore, it is important to
understand the microstructure and associated mechanical behavior of AHSSs in a specific
service environment.

AHSSs have been divided into three main categories, and their general strength-
ductility balance is shown in Figure. 1-3 [12]. Dual-phase (DP) and conventional
transformation-induced plasticity (TRIP) steels, generally regarded as first-generation
AHSSs, offer a widespread property range [17-20]. Although these steels can meet the
needs of steel grades of different strength levels, the first-generation AHSSs is
characterized by a sharp decrease in ductility as the strength increases. Meanwhile, the
low product of strength and elongation cannot meet the development requirements for
strength and ductility. In this context, twinning-induced plasticity (TWIP) steel with high
manganese (>12%) as second-generation AHSSs have been developed within the last
decades, which is characterized by an excellent combination of strength and ductility
compared with first-generation AHSSs [21-24]. TWIP steel exhibited high strength of
about 1 GPa with elongations of about 50% [25-27]. However, there is a serious challenge
in terms of mass production of TWIP steel. Namely, adding a large amount of alloying
element such as Mn not only significantly increased the production cost, but also
increased the difficulty of the production process including continuous casting and rolling
[28, 29]. For this reason, the Mn content in these types of steel needs to be reduced. Then,
third-generation AHSSs such as medium Mn steel (MMS) (3~12% Mn) and quenching



and partitioning (Q&P) steel were designed to address the limitations between the first
and second generation AHSSs and the gap between mechanical property of the two
previous ones [30-36]. Meanwhile, as a new family of third-generation AHSSs, Sugimoto
et al. [37] proposed a use of low-carbon low-alloy (0.1~0.4% C, <2%Mn) TRIP-aided
steels mainly consisting of a bainitic ferrite lath matrix with a high dislocation density
and retained austenite, which are referred to as TRIP-aided bainitic ferrite (TBF) steels
(Figure. 1-4). The TBF steels show tensile strengths of over 1 GPa and elongation greater
than 20% [37, 38]. Moreover, good cost performance of TBF steels is another advantage,
which is achieved by using compositionally lean alloys and simplification of
thermomechanical treatments. TBF steels simultaneously satisfies governmental
regulations, economic constraints, and consumer requirement (Figure. 1-5).

In addition, although these strategies have achieved relatively ideal strength-ductility
trade-off, one of the problems in all these steels is that high strength is accompanied by
hydrogen embrittlement (HE) [39-42]. Furthermore, each microstructural component in
multiphase TRIP-aided steels exhibited variable hydrogen trapping ability and different
diffusivity and solubility of hydrogen, making it difficult to evaluate the hydrogen-related
behavior of TRIP-aided steels [43, 44]. In addition, TRIP-aided steels used as automobile
structural parts were inevitably exposed to different temperatures and hydrogen
environments during production and service [45, 46]. Hence, fundamental studies on HE
are essential to understand mechanical properties and improve the resistance of HE of
TRIP-aided steels.

Based on the above background, the purposes of this work are to investigate different
processes route on the newly designed TBF steel, and to systematically study the
transformation of retained austenite and their role on fracture behavior. Moreover, this
work also aims to research on HE sensitivity systematically for theoretical guidance and

reference for the development and application of a new generation of TBF steels.
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1.2 Transformation-induced plasticity-aided steel

The group of TRIP-aided steels is named after the inherent dominant
TRansformation Induced Plasticity effect in those steels. Zackay et al. [47] firstly
reported that the austenite in Fe-0.3C-9Cr-8Ni-2Mn-2Si-4Mo steel transformed into
martensite and TRIP effect was found. Since then, TRIP-aided steels have aroused great
interest in industry and academia and have been developed rapidly [48—51]. TRIP-aided
steels are usually produced via a thermomechanical process of intercritical annealing
followed by rapid cooling to a bainitic transformation regime, and then cooled to room
temperature [52—54]. Generally, the microstructure of conventional TRIP-aided steel
consisted of ferrite, bainite /bainitic ferrite and some retained austenite showing TRIP
effect [55, 56]. The TRIP effect refers to the phenomenon whereby soft retained austenite
transforms into hard martensite via external stress [57]. This transformation substantially
raises the work-hardening rate and delays the necking, resulting in the tensile strength
from 600 to 780 MPa and an elongation of 15% — 35% [58]. Therefore, TRIP-aided steels
are widely used in automobile bumpers or B-pillar reinforcement (Figure. 1-6) [59, 60].
To reduce the thickness of safety-related components of novel vehicle platforms even
further, TRIP-aided steels with a strength of over 780 MPa are henceforth of prime

importance.



B-pillar reinforcement
TRIP780

Bumper cross member
TRIP780

Figure. 1-6 (a) TRIP-aided steels in automotive industry, (b) scanning electron microscopy (SEM) image,
(c) inverse pole figure (IPF) map, and (d) band slope (BS) map of the microstructure. B, F, and A represent
bainite, ferrite, and retained austenite, respectively [59, 60].

1.2.1 Alloying strategy

Alloy design plays a significant role in the development of TRIP-aided steels, which
affected the process routes and resulted in the formation of different types of
microstructures at room temperature, and then significantly affects the final properties. A
schematic composition diagram summarizing the main reasons for the alloying concept
is shown in Figure. 1-7 [61, 62]. In recent years, the selection of lean alloying addition
and the determination of the minimum concentration are used to produce multiphase
microstructures in TRIP-aided steel [61].

C is an important element in TRIP-aided steels, which affects phase transformations
and the final microstructure [63, 64]. C also strongly stabilizes austenite which suppresses
the formation of thermal and mechanical martensite [65, 66]. Moreover, it is well known
that C has a strong solid solution hardening [67]. However, excessive carbon content
deteriorates the weldability of the steel sheet [62]. Therefore, it is crucial to control the
carbon content of TRIP-aided steels within the proper range.

Mn is the most featured element in TRIP-aided steels. The most important role of
Mn is to stabilize austenite and retain it at ambient temperature [68, 69]. Adding 1% Mn

in austenite would result in around 30~40 °C decrease for the martensite transformation



start temperature (Ms) [70]. However, high Mn contents (~2.5%) are not favorable as they
lead to banding in the microstructure and excessively stabilized retained austenite in
conventional TRIP-aided steels [71].

Si inhibits the formation of cementite during austempering treatment, which is
attributed to the fact that Si solubility in carbides is very low, thus Si significantly reduces
the driving force for precipitation [72, 73]. However, Si also deteriorates the
galvanizability of TRIP-aided steels owing to the formation of a stable oxide film
adherent to the steel substrate, resulting in poor coatability [74, 75].

Al has a similar effect compared with Si in terms of enlarging the two-phase region
range, and suppressing the formation of cementite [76, 77]. Moreover, substituting Si by
Al can improve the galvanizability without significantly sacrificing mechanical properties
in TRIP-aided steels [62].

In addition, micro-alloying elements such as Nb, Ti, and V were added, which can
refine microstructure, form carbide or carbo-nitride precipitates, and achieve a strength
level of over 1 GPa [78-82]. Meanwhile, Cr and Ni were found effective in stabilizing
the austenite, leading to the improvement in both strength and ductility [83, 84]. However,
the formation of carbide or carbo-nitride precipitates consumed some carbon atoms and
decreased the carbon concentration partitioned into austenite, resulting in reducing the
stability of retained austenite. On the other hand, the addition of micro-alloying elements

increased production costs.
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Figure. 1-7 Schematic of chemical composition diagram for low alloy TRIP-aided steels [61, 62].



1.2.2 Heat treatment processing

In addition to the design of alloy composition, the process parameters are also
controlled the mechanical properties of TRIP-aided steels. The control of the TRIP-aided
steels production process is mainly carried out to obtain the retained austenite and
different microstructure constituents [85, 86]. The heat treatment conventionally used for
TRIP-aided steels consists of intercritical annealing followed by an isothermal bainitic
transformation, and a process often referred to as austempering treatment, as shown in
Figure. 1-8 [14, 87, 88]. According to different production processes, TRIP-aided steel
can be divided into hot-rolled TRIP-aided steel and cold-rolled TRIP-aided steel. The cast
slab is hot-rolled in the austenite, followed by heat preservation in the two-phase region
of austenite and ferrite, and finally coiled in the bainite phase transformation regime to
obtain hot-rolled steel, while the cold-rolled TRIP-aided steels are obtained by
intercritical annealing of the cold-rolled sheet in the two-phase region, followed by
isothermal holding in the bainite region for a period of time, as shown schematically in
Figure. 1-8(b) [14]. Some investigations suggested that the austempering temperature is
range from 360 to 450 °C [89, 90]. In addition, there is an increasing focus on the variant
of the austempering treatment and novel heat treatment approach to obtain the desired
mechanical properties and to produce the variant of TRIP-aided steels [91-93]. For
instance, Huang et al. [91] reported that the combination of cyclic pre-quenching and
two-stage heat treatment significantly enhanced mechanical properties and refined the
microstructure in a low-alloyed TRIP-aided steel, which notably enhances their ductility.
Therefore, understanding the processing methods and properties of these steels is of
utmost importance in the context of TRIP effect.

y-austenite, y--retained austenite [Jilij o-ferrite [ o.-bainite [ P-pearlite

a)A Controlled transformation ~ P)A Intercritical annealing
< i < >
°o
T R 7 e B 5T
Ac,
e e
2 2
© o
g 2
g £
E @
e Flom
> >
Time Time

Figure. 1-8 Processing routines to produce (a) the hot rolled TRIP-aided steel strips with controlled
cooling after hot rolling and coiling in the bainitic transformation region and (b) the cold rolled TRIP-

aided steel strips with intercritical annealing after cold rolling [14].
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1.2.3 Deformation micromechanics of retained austenite

The TRIP effect of retained austenite is the key factor to determine the mechanical
properties of TRIP-aided steels [94, 95]. The TRIP effect is mainly controlled by the
content of retained austenite and their stability [96-98].

Figure. 1-10 shows schematically the TRIP effect in TRIP-aided steels. The retained
austenite transforms to deformation-induced martensite during deformation, resulting in
an increase of work hardening rate. There are three types of temperature ranges with
respect to the transformation mechanisms of retained austenite according to the difference
of retained austenite stabilities, as shown in Figure. 1-11 [62]: (1) M«—M; range: Stress-
induced martensite transformation of retained austenite occurred at pre-existing
nucleation sites, resulting in yielding of retained austenite. The stress needed for the
martensitic transformation increased with increasing the temperature, which is attributed
to the decrease of transformation driving force. When the temperature is M; temperature,
the stress needed for the martensitic transformation equals the yield strength (YS) of the
retained austenite (Figure. 1-11(a)). (2) M;—M4 range: The retained austenite is strained
because the stress for martensite formation is higher than the yield strength of retained
austenite, resulting in strain-induced transformation. Moreover, the martensite nucleation
sites are intersection of slip. (3) 7>Mg range: No martensitic transformation occurred due
to the high stacking fault energy and low driving force for martensite formation. Therefore,
deformation is driven by dislocation glide in this range.

The main factors determining the stability of retained austenite are as follows:

(1) Chemical composition [99—101].

-10 -




C content determines the chemical driving force for the transformation of retained
austenite to martensite and increasing the C content can significantly reduce the M;
temperature of austenite, and then improve the stability of retained austenite. The average
carbon content of the retained austenite in TRIP-aided steels should be above 0.95%
because the low C content in retained austenite caused an early transformation of retained
austenite to martensite. However, high C content in retained austenite makes the retained
austenite too stable during deformation, leading to the occurrence of no deformation-
induced martensitic transformation. In addition, Mn and Ni have similar effects to C.
Therefore, it is necessary to control stability of retained austenite to optimize ductility of
TRIP-aided steels.

(2) Size and morphology of retained austenite [102, 103]

The size and morphology of retained austenite grains are also important factors
affecting its stability. Generally, the morphology of retained austenite in TRIP-aided
steels exhibited two types: filmy and blocky. It has been suggested that larger retained
austenite is unstable and transforms easily into deformation-induced martensite at small
strains. Meanwhile, it has been shown that the coarse blocks of retained austenite located
in the ferrite or at the ferrite/bainite interface transform to martensite at an early stage of
plastic deformation, while the filmy retained austenite presents between the bainitic
ferrite laths is more stable.

(3) Distribution of retained austenite [104, 105]

The effect of neighbouring phases on the retained austenite stability was investigated
in previous study [104], The retained austenite was located in the vicinity of hard phases
(i.e., bainite or martensite), which showed high stability due to the stress shielding effect
by the surrounding hard phase. Moreover, the retained austenite in vicinity of
neighbouring phases effect the stress partitioning between them.

(4) Deformation conditions [106, 107]

Deformation conditions, e.g., strain rate, and deformation temperature, play a
significant role in the deformation-induced transformation of retained austenite during
plastic deformation. It has been found that the transformation of retained austenite is
sensitive to the stress state. However, there has been little research on the effect of
deformation temperature on the stability of retained austenite in TRIP-aided steels.

In addition, several models have been presented to describe the kinetics of the
deformation-induced martensitic transformation. The equations, which have been
proposed to calculate the volume fraction of strain-induced martensite, are listed in Table
1-1 [69]. They were used in the present contribution to describe the transformation of the
retained austenite in TRIP-aided steels. Nevertheless, efforts to understand the
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transformation kinetics and their relation to flow properties in high-strength TRIP-aided

steels have been hampered by a lack of experimental information from the region of initial

inhomogeneous flow.
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Figure. 1-10 Schematic illustration of TRIP effect during deformation in TRIP-aided steels.

(a) | [ i (b)
Stress- Strain-
assisted induced No
transformation f
o~
y S~ o
Mg
b §‘ f
" q.,:,{é"
7} 35
[ &g
4 £
- g S
* 7e
78
&S
53
N »
o »
Ms M s Md MS

Temperature T

Figure. 1-11 (a) Critical stress for deformation -induced martensite formation at various temperature,
and (b) schematic illustrating the dominant deformation mechanisms in different temperature ranges
in the retained austenite in TRIP-aided steels [62].
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Table 1-1. Models for the deformation-induced martensitic transformation kinetics

[69]
Name Equation
vy
Ludwigson et al Vo= 1
efep
Wy
Burke et al Vu= 1+—2
7
ke’ Vv,
Sugimoto et al Va~=V8(1- exp(-kqe) )
Pychmintsev et al Va'ZV(Y)(l— exp(—(kthPh)e) )
Olson et al V,=Vy(1-exp[-(1-exp(-0e))"])
Gerberich et al V,=VIAe!?
Guimaraes et al VuvZV(y)(l— exp(—(k Gez) )

Ve is the volume fraction of deformation-induced martensite, ¥, is the initial volume fraction of
retained austenite, A, kg, and z are constants, £, k,, and k; are constants related to the austenite stability,
p is the autocatalytic strain exponent, Pj is the hydrostatic pressure during tensile tests, £, is the

hydrostatic pressure sensitivity, and a, 8, and n are temperature-dependent constants.

1.3 Hydrogen embrittlement
Johnson first observed the effect of hydrogen on the ductility of iron in 1875 by

temporarily dipping iron in acids for a few minutes [108]. Since then, extensive studies
have been found that the phenomenon is not only restricted to iron and steels but also
occurs in many materials such as Ni-based alloys, Al alloys and high entropy alloys [109—
112]. The researchers define HE as a phenomenon in which hydrogen degrades the
mechanical properties of metals leading to a significant reduction in ductility and fracture
toughness [113]. The current understanding of HE is that hydrogen from the environment
dissolves into steel, migrates as atomic hydrogen towards internal stress centers such as
crack tips, and ultimately facilitates cracks, leading to failure [114]. In fact, HE is a
complex process depending on the material, stress, and environment, as shown in Figure.
1-12 [115]. Meanwhile, various methods such as constant load test, U-bend test, and slow
strain rate tensile (SSRT) test have applied to evaluate HE susceptibility, which reveal the
transition of the fracture mode from ductile to brittle fractures such as intergranular or
quasi-cleavage fractures [116—118]. Correspondingly, the multi-scale analysis methods to
HE study are presented in Figure. 1-13 [119, 120]. Moreover, the nature mechanisms of
HE and hydrogen charging methods control of different hydrogen-induced damage in
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steels were investigated in detail [121, 122]. Unfortunately, although these studies have
demonstrated that very small amount of hydrogen can cause material failure or
unexpected catastrophic fracture for more than a century, premature failure of metal
components due to HE continues to plague industry and academia.

In recent years, AHSSs have drawn attention as high performance structural parts
for automotive, and other applications. However, HE is still a major concern for their
application [123, 124]. Furthermore, another effect of hydrogen on TWIP steel is the so-
called hydrogen-induced delayed fracture, during which the hydrogen-delayed cracks
under constant load, which can be less than the load corresponding to the yield stress of
TWIP steel [125]. In addition, AHSSs were generally composed of multiphase
microstructure such as ferrite and metastable retained austenite. However, each
microstructural constituents show different traps of hydrogen, a particular interaction with
hydrogen and hydrogen-induced cracks (Figure. 1-14) [126]. For example, the diffusivity
and solubility of hydrogen significantly differs between ferrite and austenite due to their
crystal structures, i.e., body centered cubic (BCC) and face centered cubic (FCC),
respectively [127]. Furthermore, martensite shows a hydrogen diffusivity lying in
between ferrite and austenite [128]. Since the ductility of TRIP-aided steels is partially
based on the deformation-induced transformation of retained austenite into martensite,
their interaction with hydrogen is of key importance. Hence, it is very important to

estimate HE susceptibility and to understand the fracture mechanism of AHSSs.
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Figure. 1-12 Schematic illustrations of factors of HE.
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Figure. 1-13 Multi-scale analysis of HE [119, 120].
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Figure. 1-14 Schematic illustrations of sites and traps for hydrogen in micro-scales [126].
1.3.1 Example of hydrogen embrittlement failure

In this section, an overview of HE faced in different application fields such as
nuclear power plants, thermal power plant, and automotive applications is given.
Meanwhile, the complexity, critical problems, and challenges of understanding HE are
summarized.

(1) Boiling water reactor [16, 129]

Nuclear energy is considered an important resource for reducing greenhouse gases
and associated climate change. The boiling water reactors is predominant reactor design
around the world, which plays an important role in the utilization of nuclear energy. The

core of a nuclear reactor presents a harsh environment for materials due to the

-15 -



combination of high temperature, high stresses, a chemically aggressive coolant, and
intense radiation, which poses a great threat or challenge to the service life of materials.
Moreover, major pressure boundary components (e.g., steam generator, steam lines,
turbine, and condenser) are made of either low carbon or low alloy steel. which are
exposed to high temperature and high hydrogen atmosphere for a long time. The hydrogen
can permeate in steels from the service environment exposure, resulting in a significant
decrease in ductility and premature failure of steels in pressurized / boiling water reactor
[16]. Figure. 1-15 shows the Brunswick Nuclear Plant Unit 1 NO04B narrow range reactor
water level instrument failed high and shows the picture of failed 1-inch coupling, which
threats the normal operation of the nuclear power plant and might cause catastrophic
accidents. Therefore, development of hydrogen resistance steels having high specific
strength and ductility has become an importance for improving safety in pressurized /
boiling water reactor [129].

(2) Thermal power plant [130]

Pipelines in thermal power plants often serve in an atmosphere of high temperature,
high pressure, and water vapor, which can easily lead to hydrogen entering the pipes
corrosion in the region. or hydrogen embrittlement of the pipes (Figure. 1-16) [130].
Moreover, an uneven saturation of industrial components with hydrogen, made of
different grades of steel, is a typical phenomenon for the in-situ hydrogenation during
their operation. Hence, prolonged service under these conditions leads to HE and
corrosion of the pipe steel. This phenomenon can pose a risk to the sustainability of oil
and pipe steel. Based on the above, the microstructure control plays a crucial role in
controlling the mechanical properties and the enhancement of ductility and hydrogen
resistance steels.

(3) Automotive [131, 132]

The development of AHSSs for automotive sheet steel applications has been an
important focus of research driven by the need of lightweight vehicle body and increased
passenger safety. AHSSs must adopt complex and long production processes to obtain
excellent mechanical properties, which inevitably introduces some hydrogen into the steel
(Figure. 1-17) [132]. The hydrogen can permeate in steels from the production process
such as pickling, electroplating, and welding, product assembling, and service
environment exposure. Moreover, the strengths of those steels often exceed 1 GPa that is
a critical value to consider a risk of the mechanical degradation by hydrogen. In addition,

the bolts installed on the bottom control frame of the automotive are prone to hydrogen

delayed fracture, and the fracture surface exhibited intergranular fracture (Figure. 1-18).

Multiphase microstructure in such steels bring great challenges of revealing the direct
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effect of HE. Therefore, the HE behavior of steel has received more and more attention
and has become a hot spot of great concern to researchers from all over the world.

Concern on HE is growing in the sheet steels for automotive parts.
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Figure. 1-15 Configuration of boiling water reactor and failure site [129].
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Figure. 1-16 The special multiscale approach for investigation of hydrogen-induce damage in thermal
power plant: (1) Industrial component, thermal power plant boiler tube; (2) Hydrogen damage of boiler
evaporator tube unevenly saturated with hydrogen during exploitation; (3) Application of a structural
integrity model-correlation between material macromechanical behavior and simultaneously active
HE micro-mechanisms; (4) Assessment of hydrogen critical concentrations; (5) Predictive

maintenance activities [130].
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1.3.2 Factors influencing hydrogen embrittlement in steel

HE is related to factors such as diffusible hydrogen content, strength level,
microstructure, and strain rate. The following summaries are mainly based on the reports
of TRIP-aided steels and other types of steels.

(1) Hydrogen content [133, 134]

Hydrogen content is known to be one of the most harmful factors in steel because
the presence of that in steels might cause a detrimental effect on mechanical properties.
Generally, the presence of a few parts per million weights of hydrogen in steels may cause
a dramatic reduction of elongation to fracture, result in a loss of ductility. Figure. 1-19
shows the effect of hydrogen on notched tensile strength with the measured hydrogen
contents for notched specimen. The increase of hydrogen content results in a decrease of

notched tensile strength.
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(2) Strength level [135, 136]

Under the same applied stress, the concentration of hydrostatic pressure near the
crack tip or notch increases with the increase of the strength level of the steel material, so
the HE susceptibility usually increases with the increase of the strength level. The higher
tensile in TRIP980 steel strength exhibited more sensitive hydrogen embrittlement
compare with TRIP780 steel, as shown in Figure. 1-20 [136].

(3) Microstructure [136, 137]

Microstructure is a key factor affecting HE, and reasonable microstructure design is
the current focus of developing AHSSs with high strength and low HE susceptibility.
Various microstructure concepts have been proposed in steels and succeeded in obtaining
ultra-high strength without serious loss of elongation. In this regard, Martensite is
recognized as the most sensitive microstructure to hydrogen embrittlement due to its high
strength level and many microstructural defects (such as prior austenite grain boundaries,
lath boundaries, dislocations), as shown in Figure. 1-21 [136]. Ferrite and bainitic ferrite
have relatively low HE susceptibility compared with martensite. The effect of austenite
on HE susceptibility is not conclusive, and there is still a lot of controversy. austenite has
high hydrogen solubility and low hydrogen diffusion coefficient compared with other
microstructures. It is believed that austenite can play the role of hydrogen trap and
improve the HE resistance such as austenitic stainless steel. However, A disadvantage of
the deformation-induced martensitic transformation of retained austenite is the increase
in hydrogen diffusivity which assists hydrogen-defects interactions and hydrogen
segregation to weak microstructural constituents, resulting the initiation and propagation
of hydrogen-assisted crack. From this point of view, hydrogen-resistant steels were
designed by increasing the stability of retained austenite. On the other hand, TRIP effect
of retained austenite in TRIP-aided steels achieve combination of strength and ductility
during deformation. For this reason, microstructure design in TRIP-aided steels and
medium Mn steels requires consideration of both TRIP effect and HE resistance in
presence of hydrogen.

(4) Strain rate [138—140]

HE is related to the strain rate during the plastic deformation. In particular, a decrease
in the strain rate enables hydrogen diffusion to specific microstructures and crack tips,
leading to severe HE, because the rate of hydrogen diffusion keeps up with the dislocation
movement. Furthermore, the strain rate affects the behavior of dislocation-hydrogen
competitive motion, which can alter the evolution of dislocation patterns. These factors
cause the acceleration of HE with a decrease in the strain rate. Hao et al. [140] reported

that HE susceptibility in TWIP steel increases with a decrease in the strain rate.
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Furthermore, the primary effect of the decrease in strain rate on HE is the acceleration of
the crack propagation. In addition to the promotion of martensitic transformation, a
decrease in the strain rate in the presence of hydrogen may cause hydrogen localization
at the crack tip, which assists brittle-like martensite cracking.

(5) Pre-strain [141-143]

HE susceptibility depends on pre-strain. For example, Maeda et al. [142] reported
that pre-strain altered hydrogen-assisted crack site and local hydrogen diffusivity in a
nitrogen-doped duplex steel. The changes in dislocation and hydrogen behaviors
associated with pre-straining altered the cracking sites in the austenite and ferrite, and
decreased HE susceptibility. Verma ef al. [143] reported that pre-straining to 3% and 6%
improved the crack growth resistance in TBF steel because of a reduction in the
probability of austenite presence at the crack tip. Moreover, a high level of pre-strain
provided high hydrogen concentration and resulted in strain-age-hardening, which

resulted in an acceleration of quasi-cleavage fracture.
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Figure. 1-19 Dependence of notch tensile strength on diffusible hydrogen content for specimens with

various stress concentration factors [134].
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Figure. 1-21 Effect of the microstructure on the HE in DP and martensitic steels [136].

1000 1000
(a) I Without hydrogen charging I (b) ] With hydrogen charging l
ESOO 1x103 s E 800 1%10° s
= =
0 0
0 0
& 600 o 600
7 T 1x102 51
2 i 2
‘= 400 e ‘= 400
@ o
o o
£ £
2 200 2 200
w w
0 +———t———— 0 +———dt— S
0 10 20 30 40 50 0 10 20 30 40 50

Figure. 1-22 Tensile behavior of hydrogen-uncharging and hydrogen-charging specimens at various

strain rates [ 140].

Engineering strain (%)

-2

1-

Engineering strain (%)



1.3.3 Hydrogen embrittlement mechanisms

The fundamental mechanisms for HE have been extensively studied over the past
several decades [144—146]. Moreover, numerous experimental and theoretical models
have been investigated to account for the HE in various materials under different
hydrogen charging conditions [147-150]. However, it is still a controversial question
without a clear consensus. Most of the HE without hydrides formation can be explained
by using one or a combination of these mechanisms. The proposed mechanisms are
introduced as following.

(1) Hydrogen-enhanced decohesion [114, 151, 152]

The hydrogen-enhanced decohesion (HEDE) mechanism was first proposed, and
further developed in detail by Oriani and McMahon [151]. The cohesive energy between
atoms reduces when hydrogen atoms are trapped at the grain boundaries, interphases, and
interfaces, as shown in Figure. 1-22 [152]. When the applied stress exceeds the cohesive
stress or strength, resulting in the initiation and propagation of intergranular cracks. In the
other words, the accumulated hydrogen at crack fronts reduces the interatomic cohesive
forces and thus leads to crack propagation at a lower stress level than in a low hydrogen
situation. The HEDE mechanism was widely accepted for explaining intergranular
fracture in presence of hydrogen.

(2) Adsorption-induced dislocation emission [153, 154]

The adsorption-induced dislocation emission (AIDE) model, proposed by Lynch et
al. [153], thus highlights the effects of surface-absorbed hydrogen on promoting
dislocation emission at the surface. It is essentially a model describing the interaction
between surface and hydrogen atoms including internal diffusible hydrogen and
environmental hydrogen.

(3) Hydrogen-enhanced local plasticity [152, 155-158]

Beachem [155] firstly proposed the hydrogen-enhanced localized plasticity (HELP)
mechanism of HE responsible for the hydrogen-related fracture, which is based on the
hydrogen-enhanced dislocation mobility and dislocation slip behavior around a crack tip.
Hence, the hydrogen atmospheres enhance the dislocation mobility and promoted
localized plastic deformation. The HELP mechanism is verified by experimental
observations (i.e., transmission electron spectroscopy) of enhanced dislocation motion
and dislocation slip in the vicinity of the crack tip. For example, Martin et al. [158]
revealed that fracture origins are generated at the intersections of dislocation planar slip
lines, leading to the initiation and propagation of quasi-cleavage cracks in the strain

localization region through the expansion of fracture origins along intense slip lines in
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pipeline steels. In addition, the HELP mechanism is also supported by the appearance of
quasi-cleavage fracture and surface slip line rearrangement in hydrogen-charged
specimens.

(4) Hydrogen-enhanced strain-induced vacancies [159, 160]

Hydrogen-enhanced strain-induced vacancies (HESIV) model was proposed based
on thermal desorption spectrometry (TDS) in iron and low alloyed ferritic steels. HESIV
means that hydrogen can increase the formation of vacancies, and stabilize them, which
results in clusterings of vacancies. In addition, HESIV mechanism was also supported by
the positron annihilation spectroscopy where the mean positron lifetime in iron was found
to be increased by tensile straining and such increase was further enhanced in the presence
of hydrogen. Nagumo ef al. [160] reported that hydrogen trapped at vacancies accelerated
the agglomeration of vacancies to form nano voids, resulting in the propagation of

hydrogen-induced quasi-cleavage cracks via the coalescence of nano voids.

\
pooces

Figure. 1-22 Schematic diagram showing the failure mechanism induced by the HEDE mechanism
[152].
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Figure. 1-23 Schematic diagram showing the failure mechanism induced by the AIDE mechanism
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1.4 Purpose of this study

Striving for developing alloys with high strength and sufficient uniform ductility has
been an imperative challenge in structural applications. the concept of a carbide-free
bainite matrix has been developed for low-carbon low-alloy TRIP-aided steels due to
better mechanical properties than the first generation of AHSSs and the potentially lower
costs than the TWIP steels, which can obtain UTS of over 1 GPa and TE]l of about 25%.
Therefore, the objective of this research focus on the microstructure evolution and
hydrogen embrittlement behaviors in TBF steel. Firstly, we focus on the effect of
austempering time on mechanical properties and fracture behavior in TBF steel, which
aims to establish optimum heat-treatment conditions to achieve the strength increase by
bainitic ferrite and the elongation improvement by retained austenite in 0.4%C-bearing
TBF cold rolled steel sheets. More specifically, it is the aim of this study to elucidate the
relationship between the mechanical properties and fracture behavior as a function of the
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austempering time in TBF steel. And then, investigation of the synergistic effects of
deformation temperature and hydrogen on the transformation of retained austenite and
mechanical properties in TBF steel was conducted. In particular, the micro-damage
evolution associated with deformation-induced martensitic transformation was
systematically investigated. On that basis, it is shown that how the deformation
temperature is significant regarding micro-damage evolution and the associated fracture
behavior of the TBF steel. The thesis outline and research methods of the present study

are as follows.
1.4.1 Thesis outline

The objective of this research is to develop a better understanding of the
austempering time-microstructure-property relationship of 0.4%C-bearing TBF steel.
The study specifically focuses on the following aspects:

Chapter 1 introduces the background and objectives of the research. Moreover, the
extensive literature review and the state of the knowledge on TRIP-aided steel and HE
are presented to understand the current challenges of HE in TRIP-aided steel.

Chapter 2 displays the experiment procedure and various characterization methods
in this study used to support these inclusions.

Chapter 3 focuses on the effect austempering time on the microstructure and
mechanical properties of TBF steel. and reveals the detailed deformation and fracture
mechanisms of TBF steel, which was analyzed the processing-microstructure-properties
relationship.

Chapter 4 investigates the hydrogen and deformation temperature on mechanical
properties of TBF steel. Detailed transformation behavior of retained austenite and
fracture mechanisms of were investigated to understand the behavior of each phase in the
presence of hydrogen.

Chapter 5 focuses on the quantitative evaluation of hydrogen and deformation
temperature effects on evolutions of deformation-induced martensite and micro-damage
to elucidate the temperature effects on microstructure-dependent damage behaviors in
TBF steel.

Chapter 6 summarizes the conclusions of the thesis and highlights promising
avenues for future work based on our deeper understanding of the microstructure

evolution and HE behavior in TBF steel.
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1.4.2 Research methods

The objective of the thesis is summarized in the schematics shown in Figure. 1-25.
The microstructures of the specimens in present study were characterized using X-ray
diffraction (XRD), SEM, and electron backscattered diffraction (EBSD). The volume
fraction of retained and the carbon content in retained austenite were calculated according
to the XRD results. Electrochemical hydrogen charging was carried out to the
introduction hydrogen into specimens, and then SSRT tests were performed at
deformation temperature of -100, -30, 21 and 100 °C. Hydrogen contents were analyzed
by TDS. To focuses on the micro-mechanisms responsible for the observed hydrogen
embrittlement behavior, the correlation between the microstructural features and the
hydrogen-assisted crack was explored in detail by SEM or electron channelling contrast
imaging (ECCI) and EBSD. Moreover, the quantitative evaluation of micro-damage was

systematically investigated. In addition, the fracture surfaces were observed using SEM.

Microstructure evolution and hydrogen embrittlement behaviors in high-strength TRIP-
aided bainitic ferrite steel
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Figure. 1-25 Schematic diagram showing the thesis outline and research methods.
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2 Materials and experimental procedure

2.1 Materials and experiment

2.1.1 Preparation of materials

A low-alloy steel with a nominal composition of Fe—1.5Mn—1.5Si-0.4C (wt.%) was
selected, and its detailed chemical composition is listed in Table 2-1. 1.5% Si was
considered to be sufficient to suppress the formation of cementite during thermal
processing. 1.5% Mn was employed to function as an austenite stabilizer and solid
solution strengthen, and 0.4% C can make the more stability of austenite at room
temperature. The steels used in the present study was melted in a vacuum induction
furnace. After reheating at 1200 °C for 1 h, the ingot was hot rolled to a thickness of 3.2
mm at a finishing temperature of 850 °C, followed by air cooling to room temperature.
Thereafter, the hot-rolled plate was further cold-rolled to a thickness of 1.2 mm. A

schematic drawing of the hot and cold rolling processes is shown in Figure. 2-1.

Table 2-1. Chemical composition of the present study (in mass%).
C Si Mn Al P S N
0.39 1.47 1.50 0.04 0.014 0.0012 0.0008

A

Hot rolling Cold roIIingJ

1200 °C x 3600 s
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30 mm
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AC: air cooling \
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Figure. 2-1 Schematic of hot rolling and cold-rolling processes in this study.
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2.1.2 Hydrogen charging methods

The tensile specimen surfaces were mechanically polished using abrasive papers and
electrolytically polished in a solution of 20% perchloric acid and 80% acetic acid at 20 V
for 120 s before hydrogen charging. The final thickness of the specimen was ~0.95 mm.
Electrochemical hydrogen charging to the hydrogen-charging specimens was performed
in a 3% NaCl aqueous solution containing 3 g/L NH4SCN at a constant current density of
10 A/m? for 48 h before tensile tests. A platinum wire was used as the counter electrode,
as shown in Figure. 2-2. In the hydrogen charging condition, neither blisters nor macro-

cracks on the surface of the samples were observed.

Platinum wire

‘%?Parafilm
Galvanostat | r 1

e T Specimen

_

A
- W =
7
"o M| Solution

Figure. 2-2 Schematic of hydrogen-charging method.

2.1.3 Tensile tests

For the tensile test in Chapter 3, dog-bone-shaped tensile specimens with a gauge
length of 25 mm, a gauge width of 6 mm, and a thickness of 1.2 mm were machined along
the rolling direction of the cold-rolled sheets and were tensile tested at 21 °C at a strain
rate of 1 x 10" s™! using Shimadzu tensile testing machine. Figure. 2-3 shows the detailed
tensile specimens geometry size.

For the tensile test in Chapter 4 and Chapter 5, SSRT tests were performed on a
tensile testing machine equipped with a thermostatic chamber at an initial strain rate of
1x10*s7! at different deformation temperatures of -100, -30, 21, and 100 °C, as shown in

Figure. 2-4.
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Figure. 2-3 Specimen dimensions for tensile testing (unit: mm).
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Figure. 2-4 Configuration of tensile testing apparatus (unit: mm).

2.2 Characterization methods
2.2.1 X-ray diffraction

The volume fractions of retained austenite before and after tensile deformation were
determined by XRD with CuKa radiation using integrated intensities of the (200)q, (211)q,
(200)y, (220)y, and (311)y peaks. The average carbon concentration in retained austenite
(Cy) was calculated using equation (2-1) [1]:

ay =3.5780 + 0.0330C, + 0.00095Mn, + 0.0056Al, + 0.0220N, (2-1)
where Mny, Al,, and Ny are the Mn, Al, and N concentrations in austenite, which are
considered to be the corresponding average concentrations of the alloy, respectively; ay is
the lattice parameter of austenite.

The peak fitting of each diffraction peak was conducted using HighScore software
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which was attached to the XRD equipment. The measurement was performed at least two

times to reduce error.
2.2.2 Scanning electron microscopy

The microstructure of the heat-treated steels was characterized by SEM and EBSD.
The specimens were first mechanically ground with #320 and #600 waterproof SiC papers,
polished by 9 and 3 um diamond slurries, and chemically polished using colloidal silica.
EBSD analyses were performed at an accelerating voltage of 20 kV with a working
distance of 15 mm and a step size of 50 or 100 nm. The acquired EBSD was analyzed
using the TSL OIM software package.

ECCI has been proven as an excellent SEM technique based on the strong
dependence of the backscatter electron intensity on the orientation of crystal lattice planes
with respect to the incident electron beam due to the electron channeling mechanism [2,
3]. Compared to transmission electron microscopy, less artefacts and much larger
observation area can be obtained by ECCI. ECCI has been proved to be successful in
observation of microstructures. Thus, it is a powerful and well-suited technique to study
the effect of hydrogen on microstructure in a detailed and statistically meaningful way. In
this study, the ECCI was performed at 30 kV acceleration voltage with working distance
of approximately 5 mm by using the same SEM facility equipped with a solid state four-
quadrant backscatter electron detector.

2.2.3 Thermal desorption spectroscopy

Hydrogen-charged specimens after the tensile tests were kept in liquid nitrogen until
the TDS analysis. Figure. 2-5 shows a schematic illustration of the typical set-up for the
thermal desorption analysis with gas chromatography. When the charged specimen is
heated in the furnace, the trapped hydrogen starts to evolve. The desorbed hydrogen
moves into the gas chromatograph with the aid of a carrier gas He. Then the amount of
desorbed hydrogen is monitored by a detector [4].

The hydrogen desorption behavior was analyzed using TDS. The specimens were
heated from room temperature to 800 °C at a heating rate of 100 °C/h. The diffusible
hydrogen content was defined as the total amount of desorbed hydrogen in the
temperature range from ambient temperature to 300 °C.
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Figure. 2-5 Configuration of thermal desorption spectroscopy.
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3 Effect of austempering treatment on the microstructure and
mechanical properties of TRIP-aided bainitic ferrite steel

3.1 Introduction

As mentioned in Chapter 1, AHSSs with a good combination of specific strength and
ductility are required to achieve weight reduction and enhance crash safety [1-3]. In this
context, TRIP-aided steels with multiphase microstructures and low alloying designs
have attracted significant attention not only because of their outstanding mechanical
performance but also because of their relatively low production costs [4—6]. Most
previous studies on TRIP-aided steels involved heat-treatment processes to obtain
different matrix structures and mechanical properties [7, 8]. Conventional TRIP-aided
steel consisting of polygonal ferrite, bainite, and blocky retained austenite can be
produced by intercritical annealing followed by austempering treatment to achieve
strengths of 600—1000 MPa with an elongation greater than 15% [9—17]. Unfortunately,
limitations related to strengthening and their relatively low stretch-flangeability or
bendability hinder the further industrial application of conventional TRIP-aided steels for
automobile structural components [18]. Therefore, the concept of a carbide-free bainite
matrix has been adopted for low-carbon low-alloy TRIP-aided steels, which are produced
by annealing in the austenite region followed by isothermal bainitic transformation. These
low-carbon low-alloy TRIP-aided steels mainly consist of a bainitic ferrite lath matrix
with a high dislocation density and a relatively stable retained austenite film and are
referred to as TRIP-assisted bainitic ferritic (TBF) steels. Such TBF steels are considered
the most effective way to increase the strength and stretch-flangeability of TRIP-aided
steels [19].

In addition, previous research on TBF steels has focused on the effects of isothermal
transformation temperature [20, 21], alloying composition [22-24], and the stability of
retained austenite [25, 26] on mechanical properties. Extensive investigation suggests that
the carbon content of 0.4% in the TBF steels achieves excellent mechanical properties for
industrial applications. Moreover, bainite transformation kinetics and carbon partitioning
of retained austenite during isothermal transformation treatment were systematically
investigated by Furuhara et al. [27]. The detailed investigations of the effect of the
retained austenite characteristics on the tensile fracture behavior in the 0.4% C-bearing
TBF steels are also needed. Meanwhile, although some researchers have proposed that a
multi-step bainitic transformation treatment can potentially improve the strength of some

steels via ultra-grain refinement of the bainitic microstructure and TRIP effect [28]. For
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example, Kim et al. 29] obtained two retained austenite morphologies through double
bainitic transformation and found that film-type retained austenite improved the tensile
properties. Further studies on deformation mechanisms and fracture morphologies in 0.4%
C-bearing TBF steels with respect to austempering time are required to design next-
generation TBF steels. In this study, the effects of volume fraction and carbon
concentration of retained austenite which were changed by the austempering time on the
mechanical properties and tensile fracture morphologies of 0.4% C-bearing TBF steels
were systematically investigated, and the corresponding fracture mechanisms were

proposed.
3.2 Experimental procedure

The cold-rolled steel sheets were subjected to different heat treatments. Annealing
and austempering treatments were performed in two salt baths as follows. According to
the following equations [30], the bainite transformation start temperature (Bs) and Ms of
the steel sheet were estimated to be 470 °C, and 350 °C, respectively. Therefore, the
austemerping temperature in this study was chosen to 400 °C. The specimens were first
austenitized at 900 °C for 1200 s followed by austempering at 400 °C for 0, 100, 200, 500,
1000, and 3600 s. Subsequently, the samples were oil-quenched to room temperature. A
schematic of the heat-treatment process is shown in Figure. 3-1.

Bs (°C) =656 -57.7C - 35Mn - 75Si (3-1)
M; (°C) =550 -361C - 39Mn - 0Si + 30A1 - 5SMo (3-2)

The microstructure of the heat-treated steels was characterized by SEM and EBSD.
The samples were etched with 5% nital for about 10 s before SEM observation. The
volume fractions of retained austenite before and after tensile deformation were
determined by XRD.

The tensile tests were performed using Shimadzu tensile machine. 0.2% proof stress
was determined to be the YS in the specimens, and elongation was calculated by
measuring the length of the gauge part before and after tensile tests. In addition, the
behavior of the voids and cracks in the cross-sectional area near the fracture region was
observed using SEM and EBSD. The mean crack length and void density, defined as the
number of observed voids divided by the observed area, were quantitatively measured
from the SEM images. The observed area was composed of some SEM images that were
randomly captured near the fracture region of approximately 1 mm to reduce statistical
errors, and crack length was determined by the linear intercept method. Note that the
maximum crack length was not considered in the statistical analysis of mean crack length.

The surfaces of the tensile-fractured specimens were also observed by SEM.

- 48 -



A

900 °C x 1200 s

400°C x X's
X: 0,100, 200, 500, 1000, 3600 s

| W 8
0Q: Oil-quenching
Time

Figure. 3-1 Schematic diagram of annealing and austempering treatment processes.
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3.3 Results

3.3.1 Microstructure

Figure. 3-2 shows the microstructures of the specimens after heat treatment at
different austempering times. The microstructure of the specimen without austempering
mainly consisted of lath martensite or martensite/austenite (M/A) constituents (Figure. 3-
2(a)). However, it was difficult to distinguish martensite and M/A constituents in this
SEM microstructures. Subsequent au tempering at 400 °C for 100 s considerably
decreased the martensite or M/A constituents fractions and formed a lath-like bainitic
ferrite (BF) matrix (Figure. 3-2(b)). Although retained austenite remains during
austempering, it could not be identified by SEM. The prior austenite grain size was
calculated to be approximately 27 pm using the mean linear intercept method. With an
increase in the austempering time from 100 to 1000 s, the bainitic ferrite increased. When
the specimen was austempered for 3600 s, the fraction of bainitic ferrite/bainite slightly
increased and a small amount of martensite could be noted in the specimen (Figure. 3-
2(f)). In addition, it was observed that a larger number of carbide particles precipitated in

the sample at an austempering time of 3600 s when compared to other specimens.
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Figure. 3-2 SEM images of specimens subjected to austempering for (a) 0, (b) 100, (c) 200, (d) 500,
(e) 1000, and (f) 3600 s. ND and RD represent normal direction and rolling direction, respectively. M,

M/A, BF and B represent martensite, martensite/austenite constituents, bainitic ferrite and bainite,

respectively.

To clarify the details of retained austenite in TBF steels, phase, IPF, and kernel
average misorientation (KAM) maps are shown in Figure. 3-3 and Figure. 3-4. In the
phase maps, the BCC phase represents bainitic ferrite/bainite and martensite whereas the
FCC phase represents retained austenite. The microstructure of the specimen subjected to
no austempering treatment consisted of martensite as the matrix with a small fraction of
film-type retained austenite (RAr) located at the block boundaries. Meanwhile, the KAM

map in Figure. 3-3(a3) shows misorientations in the local lath martensite regions. In some
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regions of the mixture of austenite and martensite, there was a large misorientation, as
shown in the KAM map, which indicates that the mixture microstructure was M/A
constituents [31]. In other words, at an austempering times of 100 and 200 s, the
microstructures consisted of a mixture of bainitic ferrite, martensite, or M/A constituents
and retained austenite. Moreover, the amount of retained austenite increased with an
increase in austempering time. Note that the retained austenite exhibited both RAr and
block-type (RAg) morphologies in the TBF steels austempered for 200 s. RAr was mainly
located near the bainitic ferrite packet boundaries and between bainitic ferrite back

boundaries whereas RAg was surrounded by prior austenite grain boundaries.

e

Figure. 3-3 EBSD analysis of TBF steels austempered for (al)—(a3) 0, (b1)—(b3) 100, and (c1)—(c3)
200 s (al), (al, bl, c1) show IPFmaps with image quality (IQ); (a2, b2, c2) represent phase maps with
1Q; (a3, b3, c3) show KAM maps with 1Q. M/A, RAr, and RAg represent martensite/austenite
constituents, film-type retained austenite and block-type retained austenite, respectively.

Figure. 3-4 shows the EBSD results of TBF steels austempered for 500, 1000, and
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3600 s. When compared to the specimens austempered for 0—200 s, in the specimen
austempered for 500 s, the size and amount of RAp increased significantly, the M/A
constituents disappeared, and the lath structures of bainitic ferrite were coarser (Figure.
3-4(al)). When the austempering time was further increased to 1000 s, retained austenite
was more homogenously distributed and RAg was mainly located at the packet and prior
austenite grain boundaries. However, the amount of RAg in the 1000 s-austempered
specimen was smaller than that in the 500 s-austempered specimen. Moreover, the local
orientation gradients in the bainitic ferrite matrix were smaller than those in the martensite
matrix (Figure. 3-4(b3)). At an austempering time of 3600 s, the amount of retained

austenite decreased significantly when compared to the other specimens.

Figure. 3-4 EBSD analysis of TBF steels austempered for (al)—(a3) 500, (b1)—(b3) 1000, and (c1)-
(c3) 3600 s.

XRD patterns of as-heat-treated TBF steels, the volume fraction of retained austenite,

carbon concentration in retained austenite, and total carbon content in retained austenite
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in the heat-treated specimens are shown in Figure. 3-5. As the austempering time
increased, the volume fraction of retained austenite of the TBF steel austempered at 0—
1000 s increased from 2.1 to around 12 vol% (hereafter %), followed by a decrease to
4.8% in the TBF steel austempered for 3600 s. Meanwhile, the carbon concentration in
retained austenite increased and then gradually decreased to 1.22% at austempering for
3600 s.
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Figure. 3-5 (a) XRD patterns, (b) initial volume fraction of retained austenite and its carbon

concentration.
3.3.2 Mechanical properties

The tensile properties of TBF steels austempered for different times are shown in
Figure. 3-6. As shown in Figure. 3-6(a), all the specimens exhibited continuous yielding
and high strength of more than 1180 MPa. In the 0 and 100 s-austempered specimens, the
YS and ultimate tensile strength (UTS) were 1640 and 980 MPa and 1695 and 1730 MPa,
respectively, while the uniform elongation (UEI) and total elongation (TEIl) were 0.5%
and 8.5% and 3.6% and 10.8%, respectively. The UTS decreased while the TEI and the
product of strength and elongation (UTS x TEl) increased upon further increasing the
austempering time to 1000 s; however, YS remained fairly constant. When austempering
treatment was conducted for 3600 s, YS and UTS slightly increased, while TEl and (UTS
x TEl) decreased as compared to the 1000 s specimen. The reduction in area
corresponding to local elongation increased with increasing austempering time for 1000
s, and then decreased for 3600 s. Figure. 3-6(d) shows the work-hardening rate curves of
the TBF steels. Based on the difference in slope, these curves could be divided into three
stages, viz. work-hardening rate oscillating in the early stages of straining, a region in

which work-hardening decreased remarkably, and a region in which the work-hardening
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rate slowly decreased at high strain region until necking. In comparison, the sample

austempered at 400 °C for 1000 s exhibited a higher work-hardening rate in the high strain

region. Therefore, it is noteworthy that the TBF steel austempered for 1000 s showed
excellent mechanical properties with a YS of 960 MPa, UTS of 1182 MPa, UEI of 19.8%,
and TEI of 23.5%; these properties are equivalent to those of Q&P steels with a martensite

matrix [32].
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Figure. 3-6 (a) Engineering stress-strain curves, (b) UTS, YS and strength-elongation balance, (c) TEI

and UEI and reduction in area and (d) work-hardening rates with true stress-strain curves.

XRD patterns after tensile test and the volume fraction of retained austenite after

tensile tests are shown in Figure. 3-7. It can be seen that the volume fraction of retained

austenite in the samples austempered for 0-3600 s was significantly reduced after tensile

testing.
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Figure. 3-7 (a) XRD patterns and (b) volume fraction of retained austenite.
3.3.3 Fracture behavior

The deformation microstructures and damage morphologies underneath the tensile
fracture surfaces of specimens austempered for different times are presented in Figure. 3-
8. The tensile direction of these specimens is parallel to the rolling direction. Relatively
clear microstructural damages, such as cracks and voids, could be observed in the TBF
steels austempered for 0-3600 s and the fractured specimens exhibited macroscopically
localized necking, as shown in Figure. 3-8(a)—(f). In particular, in the 500 and 1000 s-
austempered specimens, fracture occurred along a direction toward 45° with respect to
the tensile direction due to shear fracture. Two types of crack propagation, viz. parallel
(longitudinal) and perpendicular (transverse) to the tensile direction, were observed. In
the specimen austempered for O s, longitudinal cracks larger than 400 pm originated near
the fracture region. Meanwhile, secondary cracks were observed at the grain boundaries
of martensite (Figure. 3-8(al)). It is to be noted that the grain boundary triple junctions
were also preferential crack initiation sites, as shown in Figure. 3-8(a2). The longitudinal
crack initiation sites in the 100 and 200 s-austempered samples were located near the
martensite and/or M/A constituents/ bainitic ferrite interfaces. The initiated cracks then
propagated along the M/A constituents/bainitic ferrite interface and then coalesced with
other cracks (Figure. 3-8(b1) and (c1)). However, the longitudinal cracks were blunted
because there was no driving force for their propagation in this direction. Furthermore,
voids and transverse cracks were nucleated inside martensite, as marked in Figure. 3-8(b2)
and (c2). As the austempering time increased, the longitudinal crack length of the samples
decreased (Figure. 3-8(dl) and (el)). Voids formed inside the matrix and bainitic
ferrite/martensite interfaces did not grow drastically, but large voids were observed due
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to transverse crack blunting in TBF steels austempered for 500 and 1000 s (Figure. 3-
8(d2) and (e2)). In the steel austempered for 3600 s, the longitudinal crack was short, and
voids were initiated at the bainitic ferrite/bainite lath boundaries. A similar phenomenon
was observed in the 500 and 1000 s-austempered steels as well. The measured mean crack
lengths and void densities in different TBF steels are summarized in Figure. 3-9.
Meanwhile, the relationship between distance from fracture surface and the reduction in
thickness which corresponds to the strain is shown in Table 3-1. As the austempering time
increased from 0 to 3600 s, void density initially increased and then decreased slightly,
and the mean crack length decreased from 29.1 to 10.2 um and then slightly increased to
13.4 pm.

Table 3-1. Damage observation area and reduction in thickness of specimens.

Austempering time /s Distance from fracture surface /pm Reduction in thickness /(%)
0 3624270 2.36+0.98
100 363+270 4.31+1.19
200 3654277 6.41+0.84
500 3654263 9.49+1.16
1000 3914293 10.71£1.13
3600 398+294 5.39+1.57
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Figure. 3-8 SEM images of deformation microstructures underneath the tensile fracture surfaces of
TBEF steels austempered for (a) 0, (b) 100, (c) 200, (d) 500, (e) 1000 and (f) 3600 s.
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Figure. 3-9 Variation in the void density and mean crack length of TBF steels with respect to

austempering time.

In order to discuss the reasons for the observed fracture behavior, EBSD analysis
was conducted on the cross sections of fractured tensile specimens, as shown in Figures.
3-10 through Figures. 3-13. Crack initiation and propagation were observed in the TBF
steel austempered for O s at the prior austenite grain boundaries and transgranular cracks
terminated in martensite, as shown in Figure. 3-10. The branching crack or secondary
crack was also observed along the prior austenite grain boundaries as indicated the black
arrows (Figure. 3-13(a)). In the TBF steels austempered for 100 s, most of the cracks were
initiated from the grain interior due to crack coalescence, resulting in the formation of

transgranular cracks (Figure. 3-11(c)).
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Figure. 3-10 SEM images and corresponding EBSD analysis of the cross-sectional area beneath the
fracture surfaces of austempered time of 0 s. (a, b, f) SEM images, (c, g) IPF map with 1Q, (d) phase
map with 1Q, and (e, h) KAM map with I1Q.

Figure. 3-11 SEM images and corresponding EBSD analysis of the cross-sectional area beneath the
fracture surfaces of austempered time of 100 s. (a, b, c) SEM images, (d) IPF map with 1Q, (e) phase
map with 1Q, and (f) KAM map with IQ.
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Figure. 3-12 and Figure. 3-13 show the deformation microstructure and cracks in
TBEF steels austempering time of 1000 and 3600 s. In both these specimens, transgranular
cracks could be observed. It is noteworthy that the EBSD images of the TBF steel
austempered for 1000 s were lower image quality and included darker regions when
compared to other TBF steels, indicating that the microstructure had undergone serious
deformation and lattice distortion. In addition, almost all the retained austenite
transformed into martensite during tensile deformation (Figure. 3-12(b)). Small voids
appeared in the TBF steel austempered for 1000 s; in the 3600 s-austempered specimen,
the crack tip underwent blunting and cracks propagated along bainitic ferrite/bainite lath
boundaries and coalesced with other cracks in the longitudinal direction, as shown in

Figure. 3-13(f). These observations are discussed in detail in the next section.

Figure. 3-12 SEM images and corresponding EBSD analysis of the cross-sectional area beneath the

fracture surfaces of austempered time of 1000 s.

occfsiim|

Figure. 3-13 SEM images and corresponding EBSD analysis of the cross-sectional area beneath the
fracture surfaces of austempered time of 3600 s. (a, b) SEM images, (c) IPF map with IQ, (d) phase
map with 1Q, and (¢) KAM map with 1Q.
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Figure. 3-14 shows the fracture surfaces of specimens. As shown in Figure.3-14(a),
the fracture morphology in the 0 s-austempered specimen was a mixture of quasi-cleavage
and intergranular fractures. In the 100 s-austempered specimen, the fracture surface
consisted of quasi-cleavage facets and small dimples. As the austempering time increased,
the fracture surface was mainly composed of typical dimples. Dimples in the specimen
austempered for 1000 s were deeper and larger than those in the other specimens. As
shown in Figure. 3-14(f), the fracture morphology of the TBF steel austempered for 3600
s exhibited small dimples and large quasi-cleavage facets.

Figure. 3-14 SEM images of fracture surface of specimens austempered for (a) 0, (b) 100, (c) 200, (d)
500, (e) 1000, and (f) 3600 s.
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3.4 Discussions

3.4.1 Microstructure evolution

The main purpose of annealing in the austenite region followed by austempering
treatment is to obtain a matrix of bainitic ferrite and a certain amount of metastable
retained austenite in TBF steels. Thus, the conditions of austempering treatment (i.e.,
austempering temperature and time) are the important factors to determine the
microstructure of the TBF steels. The schematic of the microstructural evolution during
austempering treatment in TBF steels is shown in Figure. 3-15. Upon direct oil-quenching
after annealing, the microstructure exhibited lath martensite and a small amount of
retained austenite. The lath martensitic microstructure changed to a mixture of bainitic
ferrite, retained austenite, and M/A constituents when the austempering time increased.
The amount of bainitic ferrite increased with austempering time, which led to carbon
partitioning in austenite owing to the low solubility of carbon in bainitic ferrite and the
stabilization of austenite [33, 34]. Therefore, a large amount of austenite remained at room
temperature, although oil quenching was conducted after austempering. It could be
observed that the high volume fraction of retained austenite was obtained as austempering
time between 100 and 1000 s. At an austempering time of 3600 s, some carbide particles
precipitated and the amount of retained austenite decreased; however, the amount of
bainitic ferrite/bainite was slightly higher than that in the TBF steel austempered for 1000
s. Jacques et al. [35] reported that preventing carbide precipitation improves austenite
stability via carbon enrichment. Therefore, a longer austempering time had an adverse

effect on the amount and stability of retained austenite in TBF steels.

Austempering time

X
= A
& "V Y \ 2 \(
% & AR
O% & AL
Prior aus;enite grain Prior austenite grain Prior austenite grain Prior austenite grain
0s e.g-100 s e.g- 1000 s 3600 s

Martensite or M/A % Bainitic ferrite DRelained austenite @ Carbide

Figure. 3-15 Schematic image showing microstructural evolution subjected to austempering for

different times and final cooling to room temperature.
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3.4.2 Relationship between microstructure and mechanical properties

As the austempering time of TBF steels increased, it was observed that their UE] and
TEIl increased (Figure. 3-6). In the 100 s-austempered specimen, high and instantaneous
work-hardening rates were observed at the beginning of straining, which remarkably
decreased later. This was because the retained austenite with low stability transformed
into martensite at a small strain, thus adversely affecting the UEI of the steel. In the
austempering time range of 0-200 s, YS decreased due to the lower strength of bainitic
ferrite when compared to martensite [36]. However, the YS of all these samples was
higher than 900 MPa, which is significantly higher than that of conventional TRIP-aided
steels with a polygonal ferrite matrix [37, 38]. Such a high YS can be attributed to the
fine bainitic ferrite laths with a relatively high dislocation density in TBF steels when
compared to polygonal ferrite in the conventional TRIP-aided steels [39]. In addition, the
UTS and UEI were closely related to the work-hardening behavior and transformation
behavior of retained austenite, as shown in Figure. 3-6(d). The deformation-induced
martensitic transformation improves the work-hardening rate, and the necking occurs
when true stress reaches the work-hardening rate. Moreover, if retained austenite
possesses high stability, corresponding to high carbon concentration in retained austenite,
the occurrence of the martensitic transformation of retained austenite is delayed.
Resultantly, high work-hardening rate is kept until later stage of plastic strain. The UTS
of 100 and 200 s-austempered TBF steels was higher than that of the 500 s-austempered
specimen due to their bainitic ferrite and martensite matrix microstructures. In addition,
their UEI was lower than that of the 500 s-austempered specimen, which lacked the TRIP
effect at high strains. A low volume fraction of retained austenite and its carbon
concentration, which implies a low stability of retained austenite, was noted in TBF steels
austempered for 100 and 200 s (Figure. 3-5). Therefore, the effective transformation of a
large amount of retained austenite did not occur in the high plastic strain region; instead,
necking occurred in the low plastic strain region, unlike in the case of the specimens
austempered for 500 and 1000 s. Consequently, the 100 and 200 s-austempered TBF steels
exhibited low UEI and TEI (Figure. 3-6). It can be seen that the work-hardening rate in
the 1000 s-austempered TBF steel before necking was higher than those in other samples.
This can be attributed to the higher volume fraction and stability of retained austenite and
a highly effective TRIP phenomenon, which delayed the onset of necking. However, at
the austempering time of 3600 s, the bainitic ferrite/bainite laths assumed block-like
shapes and the volume fraction of and total carbon content in retained austenite decreased

(Figure. 3-5). These factors might have been responsible for the low UEI and TEl of this
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specimen; furthermore, a small amount of undesirable carbide appeared in the matrix of
this specimen and might have contributed to reducing its UEl and TEI [40]. The reduction
in area of the TBF steels austempered for 500 and 1000 s was improved, whereas that of
the sample austempered for 3600 s was reduced. Local elongation, which corresponds to
elongation after necking, followed a similar trend. These two parameters, local elongation
and the reduction in area are affected by damages, such as voids, and the cracks evolution
behavior. The fracture mechanism of the TBF steels will be discussed in the next section.

3.4.3 Relationship between microstructure and fracture behavior

From the fracture surfaces shown in Figure. 3-14, it can be inferred that the fracture
mode of the TBF steels was dependent on the austempering time. A schematic of the
changes occurring in the fracture behavior of TBF steels with respect to austempering
time is shown in Figure. 3-16. The sources of the voids are cracks and inclusions.
Specifically, the crack appeared along microstructural interfaces such as bainitic ferrite/
martensite interfaces, grain boundaries, and internal martensite boundaries (e.g. packet
boundaries). When the cracks open largely, it becomes voids. In addition, the inclusions
act as a source of the voids in the grain interior. In the specimen without austempering,
numerous secondary cracks could be observed mainly at prior austenite grain boundaries
and partially in the grain interior (Figure. 3-8 and Figure. 3-10). Intergranular and
transgranular crack initiation and growth resulted in intergranular and quasi-cleavage
features in the fracture surface (Figure. 3-14 (a)). In addition, a predominant number of
the secondary cracks were formed parallel to the tensile direction, which is hereafter
referred to as a longitudinal crack (Figure.3-16(a)). Longitudinal cracks have been
reportedto occur in Mn segregation bands, including MnS inclusions in martensitic steel
and they are reported to accelerate brittle crack propagation [41]. Because the steel used
in this study includes Mn, it may be surmised that the observed longitudinal cracks were
formed due to the same reason and they assisted in brittle fracture. In addition, TBF steels
without austempering did not exhibit a sufficient TRIP effect to suppress crack initiation
and propagation due to a low volume fraction and carbon concentration in retained
austenite; thus, this specimen underwent premature fracture after yielding.

At austempering times of 100 and 200 s, the intergranular crack length decreased
and void initiation was enhanced, as shown in Figure. 3-8. Accordingly, the major
fracture-surface features changed from intergranular to quasi-cleavage (Figure. 3-14(b)
and Figure. 3-14 (c)). In addition, dimples, which indicate ductile fracture, appeared on
the fracture surface of the specimen austempered for 200 s. The suppression of
intergranular fracture is attributed to the softening of the matrix due to the transformation
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from austenite to bainitic ferrite. Meanwhile, the appearance of quasi-cleavage and
dimples can be interpreted from the crack/void initiation sites. Most of the quasi-cleavage
cracks were initiated at the martensite lath and packet boundaries and/or the
matrix/martensite or matrix/M/A constituent interfaces [42, 43]. In addition, a number of
voids were formed at the bainitic ferrite and martensite lath boundaries. Because
crack/void initiation and growth can easily occur at the microstructural interfaces of soft
and hard phases [44, 45], quasi-cleavage cracks and void initiation/growth can be
associated with the formation of new interfaces by the austempering and subsequent
deformation (Figure. 3-16(b) and Figure. 3-16(c)). In other words, crack/void formation
and growth within prior austenite grains can be attributed to an increase in the number
density of interfaces between carbon-free bainitic ferrite and high-carbon-containing
deformation-induced martensite. However, since bainitic ferrite is more ductile than
martensite, plasticity-induced crack opening resulted in the significant crack blunting in
the austempered samples. Thus, the crack length was dramatically shortened and void
density increased (Figure. 3-9).

When austempered for 500 and 1000 s, the TBF steel showed a large amount of
relatively stable retained austenite, as shown in Figure. 3-5. The retained austenite was
mainly located at the lath and packet boundaries, as shown in Figure. 3-4. The
transformation of retained austenite was prominent in the high strain region during tensile
deformation (Figure. 3-5), which resulted in the suppression of void/crack initiation and
growth (Figure. 3-16(d) and Figure. 3-16(e)). Because the TBF steel austempered for
1000 s exhibited a high volume fraction and carbon concentration in retained austenite
when compared to the specimen austempered for O s, the brittle features were fully
suppressed and the fracture surface was covered only with dimples.

When the austempering treatment was carried out for 3600 s, the microstructure of
the resultant TBF steel consisted of a bainitic ferrite/ bainite matrics, a smaller amount of
retained austenite when compared to that at 500 and 1000 s, and carbide precipitates
(Figures. 3-2, Figure. 3-4 and Figure. 3-5); this limited the TRIP effect during deformation.
Meanwhile, cracks propagated along the bainitic ferrite and/or bainite lath boundaries and
these coalesced with other cracks (Figure.3-16(f)). Therefore, the 3600 s-austempered
TBF steel exhibited relatively lower ductility as compared to the 500 and 1000 s-
austempered steels; in addition, the void density slightly decreased and crack length
slightly increased at 3600 s when compared to the 500 and 1000 s specimens (Figure.3-
9).
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Figure. 3-16. Schematic showing the fracture behavior of TBF steels as a function of austempering
time.

3.5 Summary

Multiphase microstructures were obtained by austempering treatment in Fe-0.4C-
1.5Si-1.5Mn TBF steel for different austempering time. The correlation between
microstructure and mechanical properties was systematically studied and their
microscopic fracture behavior was investigated. The summaries are as follows:

(1) The microstructure of the TBF steels consisted of bainitic ferrite/bainite,
retained austenite, and martensite. When the austempering time increased from 0 to 1000
s, the volume fraction of retained austenite increased from 2.1 to around 12%, followed
by a decrease to 4.8% at an austempering time of 3600 s.

(2) The UEl and TEl of TBF steels were remarkably dependent on the
austempering time; UEI increased from 0.5% to 19.8% and subsequently decreased to
9.7% whereas TEl increased from 3.6% to 23.5% and subsequently decreased to 11.9%.
The TBF steel austempered for 1000 s showed excellent mechanical properties with a YS
0of 960 MPa, UTS of 1182 MPa, and TEI of 23.5%.

(3) As the austempering time increased from 0 to 3600 s, void density in the
TBF steel initially increased and then decreased slightly, meanwhile, the mean crack

length decreased from 29.1 to 10.2 um and then slightly increased to 13.4 um, thus
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changing the fracture mode from intergranular to quasi-cleavage and dimplefractures.
Moreover, bainitic ferrite lath boundaries became the main path for crack propagation
during deformation.

(4) The excellent strength-elongation balance of the TBF steel austempered
for 1000 s was attributed to the effective deformation induced transformation in a large
fraction of the metastable retained austenite, which effectively suppressed crack and void

initiation, propagation, and growth.
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Chapter 4. Effect of hydrogen and deformation temperature on
mechanical properties and fracture behavior of TRIP-aided

bainitic ferrite steel
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4 Effect deformation temperature on mechanical properties and
fracture behavior of TRIP-aided bainitic ferrite steel

4.1 Introduction

One of the problems in high-strength TRIP-aided steels is HE [1-3]. Furthermore,
each microstructural component in multiphase TRIP-aided steels exhibited variable
hydrogen trapping ability and different diffusivity and solubility of hydrogen, making it
difficult to evaluate the hydrogen-related behavior of TRIP-aided steels [4, 5]. Hence,
fundamental studies on HE are essential to understand mechanical properties and improve
the resistance to HE of TRIP-aided steels.

A key factor affecting HE resistance of TRIP-aided steels is a degree of the TRIP
effect, because deformation-induced martensite is a preferential site for hydrogen-related
cracking. The degree of the TRIP effect is dependent on volume fraction and stability of
retained austenite [6, 7]. In particular, the mechanical stability of austenite is sensitive to
deformation conditions, e.g., strain rate, stress state, and deformation temperature [8, 9].
Because HE resistance is intrinsically dependent on the deformation conditions even
without martensitic transformation, clarification of underlying deformation condition
dependence of the HE beheavior of the TRIP-aided steels has been regarded as a big
challenge. Nonetheless, TRIP-aided steels used as automobile structural parts were
inevitably exposed to different temperatures and hydrogen environments during
production and service [10, 11]. Therefore, the investigation of the deformation
temperature dependence of mechanical properties of TRIP-aided steels in the presence of
hydrogen needs to be conducted. In addition, examining the temperature effect is helpful
to understand the fracture behaviors with different austenite stability at an identical
austenite fraction, although there is the abovementioned complexity in the deformation
condition dependence of HE resistance.

In the present study, SSRTs at different deformation temperatures were performed
using the hydrogen-uncharged and hydrogen-charged specimens. Specifically, synergistic
effects of deformation temperature and hydrogen on mechanical properties of TRIP-aided
steel with bainitic ferrite matrix were evaluated based on behavioral characteristics of

deformation-induced martensitic transformation and local plasticity evolution.
4.2 Experimental procedure

The cold-rolled sheets were annealed at 900 °C for 1200 s, followed by the
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austempering treatment at 400 °C for 1000 s. Subsequently, the sheets were oil-quenched
to room temperature. The detailed austempering procedure has been reported as shown in
Chapter 3. Electrochemical hydrogen charging to the specimens was performed in a 3%
NaCl aqueous solution containing 3 g/L NH4SCN at a constant current density of 10 A/m?
for 48 h before tensile tests. A platinum wire was used as the counter electrode.

SSRT tests were performed on a tensile testing machine equipped with a thermostatic
chamber at an initial strain rate of 1x10™* s! at different deformation temperatures of -
100, -30, 21, and 100 °C. The 0.2% offset stress was regarded as the yield strength. The
hydrogen desorption behavior was analyzed using TDS.

The initial and deformed microstructures of the specimens were characterized using
XRD, SEM, and EBSD. In addition, the fracture surfaces were examined using SEM. The
transformation ratio of retained austenite was defined as:

Transformation ratio (%)= VYb:/f—bV:aﬁ %100 (4-1)
y-be
where Vy.ver and Vy.ane are the volume fractions of retained austenite before and after the

tensile tests, respectively.
4.3 Results

4.3.1 Microstructural characterizations

Figure. 4-1 shows the initial microstructure of the present steel after the
austempering treatment, which comprised bainitic ferrite and retained austenite. The
volume fraction of the retained austenite was 11.0 £ 1.2 vol% (hereafter %) based on
XRD measurements. Furthermore, the retained austenite exhibited two different types:
blocky and filmy morphologies. The blocky retained austenite was located at prior
austenite grain boundaries, whereas the filmy retained austenite was observed between
the bainitic ferrite laths. In addition, the prior austenite grain size was calculated to be
approximately 21 + 3 pm using the intercept method. The packet size and block width of
bainitic ferrite were measured by the intercept method base on the IPF maps, which were
13.6 £ 1.3 and 1.6 £ 0.3 um, respectively.
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Figure. 4-1 Initial microstructure of the present steel: (a) SEM image; (b) XRD pattern; (c) IPF with
1Q; (d) phase map with 1Q.

4.3.2 Tensile properties

Figures. 4-2(a) and (b) show engineering stress—strain curves of the hydrogen-
uncharged and hydrogen-charged specimens at different deformation temperatures. All
the specimens exhibited continuous yielding behavior, which was commonly observed in
TRIP-aided steels [12, 13]. Post-necking strain was observed in the hydrogen-uncharged
specimens instead of the hydrogen-charged specimens. The specimens deformed at 21
and 100 °C exhibited a serrated flow in the curves, irrespective of hydrogen charging,
which indicated the occurrence of dynamic strain aging [14] (the serrated flow at -100 °C
arises from temperature instability). The degree of the serrated flow was reduced by the
hydrogen charging. This might be attributed to the combined effects of the solution
hardening, the dislocation pinning, and the enhancement of dislocation motion owing to
the hydrogen absorption [4, 11]. With regard to the work-hardening behavior, as shown
in Figures. 4-2(c) and (d), work-hardening rates tended to increase with a decrease in the
test temperature and did not significantly change with hydrogen charging. The premature
fracture in the hydrogen-charged specimens tested at and below 21°C occurred before

satisfying the Consideére criteria.

-74 -



(a) 1500

(b) 1500 T —— T
Without hydrogen charging With hydrogen charging
| iy}
& 1200 ; ] E || T ———— h
= : =
n 4 4
g 900 1 ¢ o900 ]
B 5
o o —-100 °C
E 600 1 g 600 —-30°C |1
2 o
% .E 21°%C
300 J o
u:.l lfl 300 4
o 1 1 1 L
0 5 10 15 20 0 15 20
Engineering strain (%) Engineering strain (%)
(C)10000 R e R R 10000 (d)mooo . 10000
ll ——-100 °C E ——-100 °C —
_ 8000 | —-30 ‘;c 4 8000 = 8000 ——-30° |4 8000 %
S — 21°C PR — 21°C L;
= 6000 | {6000 & = 6000 Jeooo 8
» D 0 1 o
] g ] ] c
= = J ‘e
@ 4000 | 14908 4000 14000 .8
3 c 3 1 =
= = ©
(= N € E ] <
2000 | T 12000 2000 J 2000 %
S ] 2
0 L L L 0 0 ﬁ ! L i3 L ] 0
0 0.04 008 012 0.16 0 002 004 006 008 0.1
True strain True strain

Figure. 4-2 (a, b) Engineering stress—strain and (c, d) true stress—strain and work-hardening rate curves
of (a, ¢) hydrogen-uncharged and (b, d) hydrogen-charged specimens.

Tensile properties of the hydrogen-uncharged and hydrogen-charged specimens are
illustrated in Figure. 4-3. The deformation temperature dependence of UTS with and
without hydrogen charging exhibited similar variations. Hydrogen charging slightly
increased the YS (Figure. 4-3(a)) and deteriorated the UEI (Figure. 4-3(b)) at all the

temperature ranges.
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Figure. 4-3 Deformation temperature dependence of mechanical properties on specimens with and
without hydrogen charging. (a) YS, and UTS, (b) UEL

Figure. 4-4 shows hydrogen desorption profiles of the hydrogen-charged specimens
tensile-tested at different temperatures. Only a single peak appeared in each profile, and
the peak positions of the specimens tested at 21 and 100 °C were higher than the others.
The cumulative hydrogen content (Cp) of the specimens tested at -100, -30, 21, and 100 °C
were 1.41, 1.79, 1.70, and 1.59 mass ppm, respectively.
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Figure. 4-4 Thermal desorption curves of specimens at different deformation temperatures. T and Cu
denote the deformation temperature and hydrogen content of specimens, respectively.
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4.3.3 Microstructure evolution behavior

Figure. 4-5(a) shows XRD patterns of hydrogen-uncharged specimens after the
tensile test. The XRD analysis in this study was performed using a uniformly deformed
region of fractured specimens. Based on the XRD profiles, the volume fraction of the
retained austenite was obtained (Figure. 4-5(b)) and decreased with a decrease in the test
temperature. The same variation trend in the volume fraction of the retained austenite was
observed in hydrogen-charged specimens after the tensile test (Figure. 4-6). The volume
fraction of the retained austenite of hydrogen-charged specimens fractured at and below
21 °C was higher than that of hydrogen-uncharged specimens at the same deformation

temperatures.
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Figure. 4-5 (a) XRD patterns and (b) volume fraction of the retained austenite measured using
uniformly deformed portions of hydrogen-uncharged specimens fractured at different temperatures.
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Figure. 4-6 (a) XRD patterns and (b) volume fraction of the retained austenite measured using

uniformly deformed portions of hydrogen-charged specimens fractured at different temperatures.

-77 -



Figure. 4-7(a) shows an XRD pattern and volume fraction of the retained austenite
of an undeformed specimen before and after immersion into liquid nitrogen (-196 °C) for
30 s to reveal the thermal stability of the retained austenite. The volume fraction of the
retained austenite after immersion into liquid nitrogen was similar to that before cooling,
although the M, temperature of retained austenite was calculated as approximately 34 °C
[14]. It is implied that the volume fraction of the retained austenite before each tensile
test (Vy-ber) 1s constant in the present tensile test conditions because no thermally induced
martensitic transformation significantly occurred before the tensile test at respective
temperatures. Figure. 4-7(b) displays the transformation ratio of the retained austenite
under each condition. In the hydrogen-uncharged and hydrogen-charged specimens, the
transformation ratio of the retained austenite increased with a decrease in the deformation
temperature, but hydrogen charging decreased the transformation ratio of the retained
austenite. The decrease in the transformation ratio due to the hydrogen charging might be
attributed to the occurrence of premature fracture, resulting in the small UEI (i.e.,

applying small plastic deformation) in the hydrogen-charged specimens.
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Figure. 4-7 (a) XRD pattern and volume fraction of the retained austenite of an undeformed specimen
before and after immersion into liquid nitrogen (-196 °C). (b) Transformation ratio of the retained
austenite of the hydrogen-uncharged and hydrogen-charged specimens plotted against deformation

temperature.

To characterize the plasticity/transformation behavior during post-uniform
elongation, microstructures of two different regions in the fractured specimens were
observed. Specifically, regions within 3 mm from the fracture surface and at a distance
of >3 mm from the fracture surface were observed. Hereafter, the former and latter regions
are referred to as near-fracture-surface region and uniformly deformed region,
respectively. Figures. 4-8(a) and (b) exhibit that hydrogen-uncharged specimens tested at
-100 and -30 °C exhibited ~1% fraction of the retained austenite in the uniformly

-78 -



deformed region, and the retained austenite fraction was nearly equal to those of the near-
fracture-surface regions. When the deformation temperature was at and above 21 °C, the
remaining retained austenite fraction in the hydrogen-uncharged specimens increased
with an increase in the test temperature, and there were significant differences in the
retained austenite fraction between the uniformly deformed and near-fracture-surface
regions (Figures. 4-8(¢) and (d)). The retained austenite fraction of the hydrogen-charged
specimens was higher than those of the hydrogen-uncharged specimens, which is
consistent with the XRD results. The retained austenite fractions of the uniformly
deformed regions at -100, -30, and 21 °C were nearly the same as those of the near-
fracture-surface regions (Figures. 4-8(e)—(g)). For the hydrogen-charged specimen
fractured at 100 °C, a significant difference in the retained austenite fraction between the

uniformly deformed and near-fracture-surface regions appeared (Figure. 4-8(h)).
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Figure. 4-8 Phase maps of hydrogen-uncharged and hydrogen-charged specimens at deformation
temperatures of (a, e) -100, (b, f) -30, (c, g) 21, and (d, h) 100 °C. Left and right images of each set
correspond to the uniformly deformed and near-fracture-surface regions, respectively. The percentage

listed in each image indicates area fraction of each phase.

According to KAM maps in the same locations as Figure. 4-9, plasticity evolution

became more significant in the hydrogen-uncharged specimens than that in the hydrogen-
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charged specimens, irrespective of the deformation temperature (Figure. 4-9). This result
is consistent with the result that the elongation was deteriorated by hydrogen charging. In
the hydrogen-charged specimens, a significant evolution of KAM values appeared at the

deformation temperature of 100 °C.
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Figure. 4-9 KAM maps of the hydrogen-uncharged and hydrogen-charged specimens at deformation
temperatures of (a, e) -100, (b, f) -30, (c, g) 21, and (d, h) 100 °C. Left and right images of each set

correspond to the uniformly deformed and near-fracture-surface regions, respectively.

4.3.4 Fracture surface

Figure. 4-10 shows fractographs of the hydrogen-uncharged specimens. In the
hydrogen-uncharged specimens, with an increase in the deformation temperature from -
100 to 100 °C, the shear lip zone gradually enlarged, exhibiting the “cup and cone-like”
fracture based on the macroscopic scale. Moreover, fractographic features changed from
the quasi-cleavage (Figures. 4-10(b) and (c)) and quasi-cleavage/ductile mixed modes
(Figures. 4-10(e) and (f)) to ductile mode. When hydrogen was introduced, quasi-
cleavage features were observed for specimens fractured at -100 and -30 °C. Hydrogen-
charged specimens deformed at 21 and 100 °C exhibited mixed quasi-cleavage/ductile
fracture features (Figures. 4-11(h, 1) and (k, 1)). The brittle features were observed in the
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central region of the specimens at 21 and 100 °C. This implies that hydrogen charging

promoted brittle-like fractures, irrespective of the deformation temperature.

Figure. 4-10 SEM fractographs of hydrogen-uncharged specimens deformed at (a, b, ¢) -100, (d, e, f)
-30, (g, h, 1) 21, and (j, k, 1) 100 °C.
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Figure. 4-11 SEM fractographs of hydrogen-charged specimens deformed at (a, b, ¢) -100, (d, e, f) -
30, (g, h,1) 21, and (j, k, 1) 100 °C.

4.4 Discussion

4.4.1 Effect of deformation temperature on mechanical properties

Variation in tensile properties was closely related to the transformation behavior of
the retained austenite and fracture mode. First, the variation in mechanical properties of
hydrogen-uncharged specimens is noted. Detrimental factors for UEI are (1) flow stress,
(2) critical stress for brittle cracking, and (3) work-hardening rate [16—19]. This implies
that when true stress reaches critical stress for brittle cracking, premature fracture occurs,
thus decreasing UEI. In addition, when true stress is the same as the work-hardening rate
at the identical strain, necking occurs, which stops the uniform deformation of ductile
materials. Therefore, low Y'S, high resistance to brittle cracking, and sustained high work

hardening realize high uniform deformability. In the present steel, the influence of the test
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temperature on the TRIP effect impacts these factors. Although YS in general steels
increases with a decrease in the deformation temperature [20, 21], the variation trend
changes when deformation-induced martensitic transformation dominates the yielding
behavior. Specifically, as the driving force for martensitic transformation increases with
a decrease in temperature, the critical stress for martensitic transformation, which
corresponds to YS, decreases with a decrease in temperature. Figure. 4-5 shows the
significant promotion of deformation-induced martensitic transformation owing to a
decrease in temperature. Accordingly, YS decreased with a decrease in temperature
(Figure. 4-3(a)). However, the promotion of martensitic transformation at low
temperatures accelerates the TRIP effect, which increases work-hardening rates. The
enhancement of work hardening adversely and positively affects mechanical properties
at low temperatures. An increase in work-hardening rates increases UTS and delays the
occurrence of necking but accelerates to reach the critical stress for brittle cracking.
Therefore, UEl increased by decreasing temperature within the specified range where the
fracture mode was ductile (Figures. 4-10(g) and (j)). On the other hand, UEI decreased
when the deformation temperature decreased below -30 °C where brittle fracture occurred
predominantly.

The UEI increased with increasing tensile testing temperature, but the UEI of the
specimen tensile tested at 100 °C decreased. The low UEI deformed at 100 °C compared
with that at 21 °C was because the effective work hardening was not possessed due to the
suppression of transformation of retained austenite owing to the excessive increase in the

stability of retained austenite.
4.4.2 Effect of deformation temperature on mechanical properties

The wvariation trend of the volume fraction of the retained austenite against
deformation temperature in the hydrogen-charged specimens was similar to that in the
hydrogen-uncharged specimens (Figure. 4-5 and Figure. 4-6). However, the fracture
behavior of the hydrogen-charged specimens drastically changed when compared with
that in the hydrogen-uncharged specimens (Figure. 4-10 and Figure. 4-11). The
characteristic fracture behavior is associated with deformation-induced martensitic
transformation, which is discussed in the next section. Other than the effect of the
martensitic transformation, hydrogen plays a dual role regardingthe acceleration of
brittle-like cracking. First, it increases the YS by solution hardening [21, 22]. Second, it
decreases the critical stress, thus leading to brittle cracking [23, 24]. The increase in the
YS or flow stress and decrease in the critical stress for brittle cracking accelerate to induce
brittle premature fracture, which decreases elongation. Furthermore, in the present steel,
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the serrated flow occurred at a tensile testing temperature of 100 °C owing to dynamic
strain aging [25]. As the serrated flow involves deformation localization, i.e., Portevin-
Le Chatelier (PLC) banding, microscopic behavior can be varied particularly at a high
temperature where dynamic strain aging occurs significantly. Specifically, when the
work-hardening rate is high and the fracture mode is ductile, the deformation localization
does not exhibit any detrimental effect on fracture. However, the difference between
microscopic and macroscopic strains and the evolution of stress triaxiality in the PLC
band can accelerate the occurrence of premature fracture when local plasticity plays an
intrinsic role in microstructure cracking. The localized plasticity causes lattice defect
accumulation, enhances dislocation-driven microscopic stress concentration, and
increases macroscopic local stress caused by the evolution of stress triaxiality. These
factors assist brittle-like cracking and subsequent fractures.

The significant contribution of stress triaxiality associated with PLC banding is
evident in the fractographic feature (Figure. 4-11). The brittle fracture region was
observed in the central region of the fracture surfaces at 21 and 100 °C where the serrated
flow appeared. As brittle cracking preferentially occurred in the central region before the
ductile fracture, there must be a relevant reason. When a classical ductile fracture
mechanism is considered, fracture initiates from the central region of the specimen owing
to necking and the associated evolution of stress triaxiality. As the fracture in the
hydrogen-charged specimen deformed at 21°C occurred before satisfying the Considere
criterion, another factor that caused localized plastic deformation, which occurs during
stable deformation, must be considered. A possible reason is that the PLC-banding-related
localized plasticity caused significant necking and associated stress triaxiality evolution,
which resulted in preferential brittle cracking in the central region of the specimen. Hence,
the effect of PLC banding associated with dynamic strain aging is an additional factor
that assists the quasi-cleavage fracture, which can explain the low fracture strength and
ductility at 21 °C. Furthermore, the PLC-banding can assist the fracture of the ductile
stage, known as blue brittleness [26, 27]. Therefore, to understand the effect of
temperature on the hydrogen embrittlement behavior of the TRIP-aided steel, the effects
of martensitic transformation, solution hardening, and dynamic strain aging should be

considered.
4.4.3 Microscopic plasticity evolution

The transformation ratio of the retained austenite (Figure. 4-7) and EBSD phase
maps obtained after the fractures at -100 and -30 °C (Figure. 4-8) in the hydrogen-
uncharged and hydrogen-charged specimens exhibited remarkable deformation-induced
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martensitic transformation. Although the transformation ratios of the retained austenite of
the hydrogen-charged specimens were slightly lower than that of the hydrogen-uncharged
specimens, it arises from the difference in the UEI (volume fraction of the retained
austenite was measured based on uniformly deformed portions of the fractured
specimens). The deformation-induced transformation results in high-strength regions
(martensite) that contain supersaturated hydrogen, causing quasi-cleavage and quasi-
cleavage/ductile mixed modes at low temperatures. The hydrogen-charged specimens
fractured at -100 and -30 °C did not exhibit any significant differences in the KAM and
retained austenite fraction between the near-fracture-surface and uniformly deformed
regions (Figures. 4-8(e, f) and 9(e, f)); however, the hydrogen-uncharged specimens
exhibited differences (Figures. 4-8(a, b) and 9(a, b)). This fact indicates that the hydrogen-
assisted failure occurred without macroscopic plasticity localization, i.e., necking.

When the deformation temperature increased to 100 °C, the transformation ratio of
the specimens was lower than that of the specimens deformed at -100 and -30 °C (Figure.
4-8(h)). Furthermore, the KAM value of the retained austenite obtained at 100 °C with
hydrogen charging was higher than those at other temperatures (Figure. 4-9(h)). These
results indicate that the fracture occurred after the distinct plastic deformation of the
retained austenite and necking at 100 °C, which corresponds to the stress—strain response
that indicated the fracture occurred after satistfying the Considére criterion (Figure. 4-2).
In addition, a significant amount of the retained austenite remains near the fracture surface
that underwent necking. These facts indicate that the suppression of the deformation-
induced martensitic transformation is the key factor that allowed significant ductility at
100 °C in the hydrogen-charged specimen. The suppression of deformation-induced
martensitic transformation at 100 °C positively affects hydrogen embrittlement resistance
in two ways: (1) reduction in the number density of the hydrogen-related crack initiation
site associated with deformation-induced martensitic transformation of retained austenite
[28] and (2) decrease in flow stress, which resulted in relatively high UEI at 100 °C in the
hydrogen-charged specimens.

4.5 Summary

SSRT tests of the hydrogen-charged and hydrogen-uncharged specimens of TBF
steel was performed at a deformation temperature range of -100 to 100 °C. The summaries
are as follows:

(1) In the hydrogen-uncharged condition, the martensitic transformation was
accelerated with a decrease in the deformation temperature, resulting in a decrease in the

YS and an increase in the UTS owing to an increase in the work-hardening rates. The UEI

-85-



at 21 °C was the maximum and decreased with a decrease in the deformation temperature.
The decrease in the UEI at low deformation temperature was attributed to the increase in
workhardening rates, which accelerated to reach the critical stress for brittle cracking,
implying the occurrence of brittle premature fracture before necking.

(2) The UEI decreased, and the brittle-like quasi-cleavage fracture occurred
in the hydrogen-charged specimens deformed at low temperatures, although the
transformation ratios were high at the low deformation temperature in the hydrogen-
charged and hydrogen-uncharged specimens. These might be caused by the occurrence
of transformed martensite that comprised supersaturated hydrogen and hydrogen-assisted
failure without macroscopic plasticity localization, i.e., necking.

(3) The significant decrease in the UEI of the hydrogen-charged specimen
tensile tested at 100 °C was not possessed whereas the UEl decreased in the specimen
tensile tested at 21 °C although mixed quasi-cleavage/ductile fracture features were
obtained and serrated flow was exhibited in the stress-strain curves at both specimens at
21 and 100 °C, which indicated dynamic strain aging occurred. The decrease in the UEI
tensile tested at 21 °C, might have been caused by the PLC-banding-related localized
plasticity, which causes significant necking and associated stress triaxiality evolution. The
excellent hydrogen embrittlement resistance of the hydrogen-charged specimen deformed
at 100 °C might be attributed to the suppression of deformation-induced martensitic
transformation, which reduces the number density of the hydrogen-related crack initiation

site and decreases flow stress.
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Chapter 5: Temperature dependence of hydrogen-assisted
damage evolution and fracture behavior in TRIP-aided bainitic

ferrite steel
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5 Temperature dependence of hydrogen-assisted damage evolution
and fracture behavior in TRIP-aided bainitic ferrite steel

5.1 Introduction

For a further understanding of the synergistic effect of deformation temperature and
hydrogen uptake, correlating microstructures with micro-damage evolution must be
investigated. Specifically, once the deformation-induced transformation of retained
austenite occurred, the hydrogen will be inherited from austenite to the deformation-
induced martensite. Since the hydrogen solubility in austenite is higher than that in ferrite
and martensite, the supersaturated hydrogen exists in martensite [1, 2]. Moreover, some
studies also reported that crack initiation occurred at martensitic regions in dual phase
steel and TRIP-aided steels [3—5]. Therefore, understanding the synergistic effects of
hydrogen and deformation temperature on transformation-related micro-damage
evolution and fracture behavior in TBF steels is key to realizing the reliable mechanical
performance at various service temperatures.

In the present work, we aimed at detailed investigations on the temperature
dependence of HE and fracture behaviors of the TBF steels. The correlation between
microstructure and micro-damage during tensile deformation was also analyzed and
discussed. Then, hydrogen-related cracks were studied with the correlative use of EBSD
and ECCI analyses to reveal the relationship between the microstructure and crack
propagation behavior.

5.2 Experimental procedure

The cold-rolled sheet was annealed at 900 °C for 1200 s followed by an austempering
treatment at 400 °C for 1000 s, then oil-quenched to room temperature. The hydrogen
charging preparation and tensile test has been reported as shown Chapter 2 and Chapter
4. The mechanical properties of hydrogen-uncharged and hydrogen-charged specimens
were performed at deformation temperatures of -100, -30, 21, and 100 °C.

Micro-damage observations were performed using an EBSD and ECCI. The
statistical analysis of crack length of hydrogen-uncharged and hydrogen-charged
specimens was conducted by using Image J software, as shown in Figure. 5-1. the
measured crack length was defined as the straight length of each crack (Figure. 5-3 (al)).
The number density of micro-damage was defined as that the number of micro-damages

divided as the observed areas. Local strain (&) was defined by following equation to reveal
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the relationship between micro-damage and the local plastic strain in fractured region [6]:

&=In? (5-1)
where ty and ¢ are the initial thickness before deformation and local thickness at the

observed point, respectively.

XRD measurement

SEM image

v

Figure. 5-1. A schematic diagram of the quantitative analysis of micro-damage evolution.

5.3 Results

5.3.1 Micro-damage evolution

Figure. 5-2 shows the transverse cross-sectional images of hydrogen-uncharged
specimens. The hydrogen-uncharged specimen tested at -100 °C exhibited a relatively flat
fracture surface in the macroscopic scale (Figure. 5-2(a)), while other specimens
exhibited relatively large necking.

Figure. 5-3 shows the transverse cross-sectional image near fracture surface and
micro-damages such as cracks and voids of the hydrogen-uncharged specimens at
deformation temperatures of -100 and -30 °C. Some sharp cracks were observed as shown
in Figure. 5-3(al), while the crack tip blunting occurred near the fractured surface of the
specimen (Figure. 5-3(a2)). At the deformation temperature of -30 °C, some cracks were
located within bainitic ferrite matrix, and the formation of sharp cracks at the crack tip
blunting were observed as indicated by the black arrow (Figure. 5-3 (b1)). In addition,
the cracks exhibited the trend of small crack coalescence (Figure. 5-3 (b2)). Some nano-
voids located between bainitic ferrite laths as marked by white arrows were observed.
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Figure. 5-2. SEM-BSE images of the fractured hydrogen-uncharged specimens at deformation
temperatures of (a) -100, (b) -30, (c) 21, and (d) 100 °C.

1 um

Figure. 5-3. ECC images of hydrogen-uncharged specimens at temperature of (a) -100, and (b) -30 °C.

Figure. 5-4 shows the transverse cross-sectional image near fracture surface and
micro-damages of the hydrogen-uncharged specimens at deformation temperatures of 21
and 100 °C. The specimen tensile tested at 21 °C possessed an obvious necking. A series
of voids were observed as marked by the black arrows (Figure. 5-4(al)). Moreover, the
voids were initiated the bainitic ferrite/deformation-induced martensite interface (Figure.
5-4(a2)). The specimen deformed at 100 °C presented the crack tip blunting (Figure. 5-
4(b1)). The voids coalescence occurred at the bainitic ferrite/deformation-induced
martensite interface and within bainitic ferrite, resulting in the micro-damage growth
(Figure. 5-4(b2)).
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Figure. 5-4 ECC images and EBSD data of hydrogen-uncharged specimens at temperature of (al-a4) 21,
and (b1-b4) 100 °C. (al, bl) ECC images, (a2, b2) IPF with IQ, (a3, b3) phase image with 1Q, and (a3, b3)
KAM with IQ.

Figure. 5-5 shows the transverse cross-sectional surface near fracture region of the
hydrogen-charged specimens tensile tested at different deformation temperatures. No
obvious necking was observed in the hydrogen-charged specimens tested at -100 and -
30 °C, whereas the specimens tested at 21 and 100 °C possessed some necking. Moreover,
considerable number of micro-damages were observed at the vicinity of the fracture
surface of the hydrogen-charged specimens, as enlarged as white dashed rectangle in
Figure. 5-5. The shape of crack in the hydrogen-charged specimens was appeared to be

long and sharp compared with those in the hydrogen-uncharged specimens.
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Figure. 5-5. SEM-BSE images of the fractured hydrogen-charged specimens at deformation temperatures
of (a) -100, (b) -30, (c) 21, and (d) 100 °C.

To obtain better understanding and conduct deep analysis of the temperature
dependence on micro-damage evolution, number density of micro-damage and average
crack length plotted against local strain are shown in Figure. 5-6. Hydrogen charging
significantly increased the number density of micro-damage regardless of the deformation
temperature. This result indicated that the introduction of hydrogen significantly
increased the damage initiation probability. In addition, for all hydrogen-uncharged
specimens, the average crack length slightly increased with the local strain, implying that
the cracks were gradually evolved with the local strain (Figure. 5-6(c)). In contrast, the
average crack length of hydrogen-charged specimens significantly increased with the
local strain, especially the average crack length of hydrogen-charged specimens at
deformation temperatures of -100 and -30 °C rapidly increased at a small strain range and
then fracture occurred. Noted that the average crack length of hydrogen-charged
specimen at deformation temperature of 100 °C did not exhibit a monotonic increase

against local strain.
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Figure. 5-6 (a, b) Number density of micro-damage and (c, d) average crack length plotted against local
strain of the hydrogen-uncharged and hydrogen-charged specimens at different deformation temperatures.

(a, ¢) without and (b, d) with hydrogen charging at various deformation temperatures.

Figure. 5-7 presents ECC images and EBSD maps of the cracks of hydrogen-charged
specimen deformed at -100 °C. The crack growth showed the zigzag path in the grain
interior, and crack propagation was arrested at the prior austenite grain boundary as shown
in Figure. 5-7(b). Deformation-induced martensite was observed as low 1Q value region,
which was easily formed the crack branching (Figure. 5-8(c)). In addition, the crack tip
blunting occurred, which involved plastic strain evolution with high KAM value. The
KAM value was obtained as the average misorientation angle between measurement point
and the nearest neighbor points, which corresponds to geometrically necessary
dislocation density [7]. And then crack tip blunting stopped crack growth (Figure. 5-8(e)).
The crack tip blunting and sharp crack coalesced with each other as indicated the red
arrow.
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Figure. 5-7 ECC images and corresponding EBSD maps of cracks of hydrogen-charged specimens at
deformation temperature of -100 °C. (a) ECC image of crack, (b) IPF with 1Q, (c¢) Phase with 1Q, and (d)
KAM with IQ.
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Figure. 5-8 ECC images and corresponding EBSD maps of cracks of hydrogen-charged specimens at
deformation temperature of -100 °C. (a, d, h) ECC images, (b, f) IPF with 1Q, (c) phase with IQ, (e, g)

KAM with 1Q.

Figure. 5-9 shows ECC images and EBSD maps of the cracks of hydrogen-charged
specimen deformed at -30 °C. Some crack initiation sites were located at the prior

austenite grain boundary, and both intergranular and transgranular crack propagations

-906 -



occurred as shown in Figure. 5-9(b-d). In addition, the crack growth occurred along the
bainitic ferrite packet/block, and then the crack blunting occurred (Figure. 5-9(f)). At the
crack tip, the sharp crack and some voids were observed as indicated by the black arrow
in Figure. 5-9(h).

Figure. 5-9 ECC images and corresponding EBSD maps of cracks of hydrogen-charged specimens at
deformation temperature of -30 °C. (a) an overview of ECC image of crack, (b, e, h) magnified ECC images
of the marked region in (a), (c, f) IPF with 1Q, and (d, g) phase with 1Q.

Figure. 5-10 shows ECC images and EBSD maps of the cracks of hydrogen-charged
specimen deformed at 21 °C. The crack initiation and propagation site were the vicinity
of prior austenite grain boundary (Figure. 5-10(b-e)), and the crack branching was
observed as shown in Figure. 5-10(b). In addition, the crack propagation across the

bainitic ferrite packet/block boundaries tended to exhibit a deflection (Figure. 5-10(g)).
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Figure. 5-10 ECC images and corresponding EBSD maps of cracks near the fractured regions of hydrogen-
charged specimens at 21 °C. (a) an overview of ECC image of crack, (b, f) magnified ECC images of the
marked region in (a), (¢, g) IPF with 1Q, (d, h) phase with IQ, and (e, i) KAM with 1Q.

Figure. 5-11 shows ECC images and EBSD maps of the cracks of hydrogen-charged
specimen deformed at 100 °C. The transgranular crack growth was observed, and some
micro-scale cracks propagated by interconnection of smaller cracks to form stepped crack
as shown in Figure. 5-11(b-e). Moreover, the micro-scale cracks formed and coalesced
ahead of the blunt crack tip, which showed high KAM value surrounding the cracks
(Figure. 5-11(1)), In addition, some voids ahead of the crack were observed as shown in
Figure. 5-11(f).
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Figure. 5-11 ECC images and corresponding EBSD maps of cracks near the fractured regions of hydrogen-
charged specimens at 100 °C. (a) an overview of ECC image of crack, (b, f) magnified ECC images of the
marked region in (a), (¢, g) IPF with 1Q, (d, h) phase with IQ, and (e, i) KAM with 1Q.

5.4 Discussion
5.4.1 Micro-damage initiation mechanism

As mentioned above, the micro-damage initiation was frequently observed at grain
boundaries and phase interfaces regardless of whether hydrogen was introduced, similarly
to dual phase steel [8, 9] and medium Mn steel [10, 11]. In the hydrogen-uncharged
specimen at -100 and -30 °C, almost retained austenite transformed into deformation-
induced martensite, and the microscopic plasticity localization occurred in the previous
study [12], which resulted in the obvious strain partitioning among bainitic ferrite and
retained austenite / deformation-induced martensite during deformation. In this regard,
retained austenite transformed into hard deformation-induced martensite prior to a
significant plasticity evolution in bainitic ferrite. Therefore, martensite-related
microstructures acted as micro-damage initiation site for the brittle-like fracture. However,

some retained austenite remained with increasing the deformation temperature due to the
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high stability of retained austenite. Moreover, deformation-induced martensite was
ductile for the specimens at 21 and 100 °C in the absence of hydrogen, micro-damage tip
blunting occurred via plastic deformation of the deformation-induced martensite and the
bainitic ferrite despite micro-damage initiation. The micro-damage size (e. g. average
crack length) exhibited no obvious variation at local strain of below 0.2. Therefore, it can
be concluded that the micro-damage initiation in the hydrogen-uncharged specimens at
21 and 100 °C did not play a critical role in the fracture, which resulted in necking and
ductile fracture as the predominant mode.

In contrast, the introduction of hydrogen increased the number density of micro-
damage (Figure.8(b)), indicated that hydrogen increased the driving force and probability
of micro-damage initiations. The possible factors for the micro-damage initiation of
hydrogen-charged specimens are as follows: (1) the decrease of grain boundary strengths
in the presence of hydrogen, and (2) the different hydrogen diffusivity and solubility in
deformation-induced martensite and retained austenite. With regard to first factor, grain
boundaries are preferential sites for hydrogen accumulation and the segregated impurities
such as S and P, resulting in the reduction of grain boundaries via the HEDE mechanism
[52, 53]. Although it was not directly confirmed that hydrogen decreased the cohesive
energy of grain boundaries, the intergranular micro-damage at the prior austenite grain
boundaries were formed. Moreover, as described above, the cracks in the hydrogen-
charged specimens were sharp compared to those of the hydrogen-uncharged specimens,
indicating that hydrogen weakens the strength of microstructural boundaries, e.g, packet,
block boundaries. Regarding the second factor, the deformation-induced martensite was
supersaturated with hydrogen, which originated from the retained austenite with higher
hydrogen solubility [13, 14]. Since the hydrogen diffusivity of martensite was higher than
that of austenite, the enriched hydrogen in deformation-induced martensite diffused to
surrounding retained austenite or bainitic ferrite. In other words, hydrogen was first
concentrated in retained austenite, then, deformation-induced martensitic transformation
occurred, which caused the micro-damage initiation due to the supersaturated hydrogen
concentration. In addition, although hydrogen diffusion was low at cryogenic temperature,
the deformation-induced martensitic transformation introduced the stresses in the vicinity
of bainitic ferrite and retained austenite or martensite owing to the volume expansion of
phase transformation [15], which caused the stress or strain-driven hydrogen
accumulation in this region. Hence, the occurrence of micro-damage at the bainitic
ferrite/deformation-induced martensite interface can be significantly promoted in the
presence of hydrogen. However, some retained austenite remained at the deformation
temperatures of 21 and 100 °C, which reduced the preferential initiation sites of micro-
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damage, resulting in decrease the number density of micro-damage (Figure. 5-6(b)). In
summary, the micro-damage initiation probability was closely related to the promotion of

deformation-induced martensitic transformation.
5.4.2 Micro-damage growth and fracture behavior

In addition to the previous discussion about the micro-damage initiation, the micro-
damage growth without and with hydrogen charging should be considered to explain the
temperature dependence of the micro-damage and failure behavior. For the hydrogen-
uncharged specimen at -100 and -30 °C, the micro-damage arrestability of bainitic ferrite
in the cryogenic temperature was significantly deteriorated, because screw dislocation
mobility controlled by thermal activation process is markedly decreased in bainitic ferrite.
In other words, the plastic deformability of bainitic ferrite dominated the micro-damage
arrestability. When bainitic ferrite arrestability gets low in the cryogenic temperature, the
average crack length increased with the local strain (Figure. 5-6(c)). The micro-damage
growth occurred via the repetition of nano-crack/void formation at the crack tip and
subsequent coalescence (Figure. 5-3). Meanwhile, some sharp cracks developing
perpendicular to the tensile direction were observed, because the stress around the crack
tip increased with further deformation owing to work hardening and hindered the crack
blunting. More specifically, when the local stress at the crack tip reaches the critical stress
for the quasi-cleavage cracking, a newly nucleated crack starts to propagate into the
bainitic ferrite grain by quasi-cleavage fracture. However, the crack arrestability in baintic
ferrite is significant with increasing the deformation temperature of 21 and 100 °C, and
the crack tip blunting decreased local stress, which can reduction of the driving force for
further micro-damage growth (Figure. 5-4). The micro-damage arrest occurred as long as
the plasticity of bainitic ferrite was sufficient even when the flow stress increased with
the decrease in the deformation temperature from 100 to 21°C. The crack tip blunting
suppressed the micro-damage growth, which corresponded to the dimples without a
fisheye.

The presence of hydrogen not only induced the micro-damage initiations, but also
promoted the micro-damage growth. Figure. 5-12 shows the schematic of mode for
micro-damage formation in hydrogen-charging condition. For the cryogenic temperature
condition, since the diffusion and transportation of hydrogen were extremely difficult at
low deformation temperature, it can be inferred that it was difficult for hydrogen to
interact with dislocations, to diffuse and to be trapped at other hydrogen trapping sites
during deformation. Hence, the hydrogen segregation at the grain boundaries may assist
with micro-damage coalescence via hydrogen-enhanced decohesion. Once a crack
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initiated, it grew further rather than occurring the crack arrest and crack tip blunting
(Figure. 5-6(d)). In addition, the sharp crack tip opens and blunts via locally large plastic
deformation (Figure. 5-8), which induced a drastic deformation-induced martensitic
transformation. The martensitic transformation at the crack tip triggers further cracking,
which also diminishes the crack growth resistance. However, for the hydrogen-charged
specimen at 21 °C, micro-damage growth was attributed to the coupled hydrogen
diffusion and the increase in hydrogen concentration ahead of a crack tip due to hydrogen
transportation via dislocation movement [16]. Under tensile loading conditions, a stress
field with a hydrostatic component is developed in front of a crack tip and thus the
enrichment of hydrogen at a critical site ahead of the crack tip is promoted by stress-
driven hydrogen diffusion [17, 18]. Moreover, since the diffusion coefficient of hydrogen
in martensite is much higher than that in retained austenite, the deformation-induced
martensite provides a path for hydrogen transportation during deformation and a large
amount of hydrogen diffuses toward the retained austenite/martensite interface. Therefore,
hydrogen localization near the crack tip can assist the formation of cracks/voids near the
crack tip and associated crack propagation. On the other hand, for the hydrogen-charged
specimen at 100 °C, the hydrogen diffusivity is high enough compared with the velocity
dislocation movement, and then, the hydrogen detrapping from dislocations often
occurred during deformation, hydrogen diffusion flux along prior austenite grain
boundaries by dislocation movement is small [19], resulted in the formation of
transgranular crack rather than intergranular crack. Therefore, the hydrogen-charged
specimen at 100 °C shown relatively high elongation compared with the hydrogen-
charged specimen at 21 °C. In addition, the decrease of the deformation-induced
martensite of retained austenite reduced the micro-damage initiation probability, and then
further decreased the driving force of micro-damage growth based on the stress
accommodation.
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Figure. 5-12 Schematic illustrations of micro-damage initiation and propagation processes under hydrogen
charging.

5.5 Summary

Hydrogen-charged and uncharged specimens of TBF steel were carried out at
deformation temperature ranging from -100 °C to 100 °C to investigate the co-effect of
hydrogen and deformation temperature on the damage evolution and fracture behavior.
The summaries are as follows:

(1) The average crack length of hydrogen-uncharged specimens slightly
increased with the local strain, and a decrease in deformation temperature from 100 to -
100 °C increased the average crack length due to the increase flow stress and deterioration
of bainitic ferrite arrestability,

(2) The introduction of hydrogen increased the number density of micro-
damage and deteriorated the resistance to the hydrogen-induced cracks initiation and
deteriorated micro-damage arrestability, which decreased elongation. The probability of
micro-damage initiations was sensitive to deformation temperature, which was closely
related to the promotion of deformation-induced martensitic transformation. Hydrogen
significantly promoted the crack propagation at lower local strain, which resulted in

significant increase the average crack length.
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6 Conclusions

The objective of the thesis focuses on the microstructure evolution and hydrogen
embrittlement behavior in TBF steels. The austempering time effects on the mechanical
properties and fracture behavior were investigated. Additionally, the synergistic effects of
deformation temperature and hydrogen on the mechanical properties and the detailed
deformation and micro-damage evolution were addressed. The main conclusions are as
follows:

1) The microstructure of the TBF steels consisted of bainitic ferrite/ bainite,
retained austenite, and martensite. When the austempering time increased from 0 to 1000
s, the volume fraction of retained austenite increased from 2.1 to around 12%, followed
by a decrease to 4.8% at an austempering time of 3600 s, which indicated austempering
time optimization for maximizing volume fraction of retained austenite.

(2) The UEIl and TEl of TBF steels were remarkably dependent on the
austempering time; UEI increased from 0.5% to 19.8% and subsequently decreased to
9.7% whereas TEIl increased from 3.6% to 23.5% and subsequently decreased to 11.9%.
The TBF steel austempered for 1000 s showed excellent mechanical properties with a YS
of 960 MPa, UTS of 1182 MPa, and TEIl of 23.5%. The excellent strength-elongation
balance of the TBF steel austempered for 1000 s was attributed to the effective
deformation induced transformation in a large fraction of the metastable retained austenite,
which effectively suppressed crack and void initiation, propagation, and growth.

(3) In the hydrogen-uncharged condition, the martensitic transformation was
accelerated with a decrease in the deformation temperature, resulting in a decrease in the
YS and an increase in the UTS owing to an increase in the work-hardening rates. The UEI
at 21 °C was the maximum and decreased with a decrease in the deformation temperature.
The decrease in the UEI at low deformation temperature was attributed to the increase in
work hardening rates, which accelerated to reach the critical stress for brittle cracking,
implying the occurrence of brittle premature fracture before necking.

4) The UEI decreased, and the brittle-like quasi-cleavage fracture occurred
in the hydrogen-charged specimens deformed at low temperatures, although the
transformation ratios were high at the low deformation temperature in the hydrogen-
charged and hydrogen-uncharged specimens. These might be caused by the occurrence
of transformed martensite that comprised supersaturated hydrogen and hydrogen-assisted
failure without macroscopic plasticity localization, i.e., necking.

(5) With an increase in the deformation temperature from - 100 to 100 °C,

fractographic features of hydrogen-charged specimens changed from the quasi-cleavage
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to quasi-cleavage/ductile mode, which attributed to deformation-induced martensitic
transformation occurred and hydrogen played dual roles in accelerating brittle-like
cracking.

(6) The average crack length of hydrogen-uncharged specimens slightly
increased with the local strain, and a decrease in deformation temperature from 100 to -
100 °C increased the average crack length due to the increase flow stress and deterioration
of bainitic ferrite arrestability, which is accompanied by a change in the fracture mode
from ductile fractures to the mixture of brittle-like and ductile features and quasi-cleavage
failure.

(7) Hydrogen charging increased the probability of micro-damage initiation
and deteriorated micro-damage arrestability, which decreased elongation. Meanwhile, the
introduction of hydrogen increased the number density of micro-damage and deteriorated
the resistance to the hydrogen-induced cracks initiation and deteriorated micro-damage
arrestability, which decreased elongation.

(8) When hydrogen was introduced, the transformation-related brittle
cracking was promoted. The cracking path was block boundaries with retained austenite
films. Therefore, size reduction of block and retained austenite film, and control of block

alignment are key to design hydrogen-resistant TBF steel.
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