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Abstract 

Chromium alloys are being considered for next-generation concentrated solar power 

applications operating > 800 °C. Cr offers advantages in melting point, cost, and oxidation 

resistance. However, improvements in mechanical performance are needed. Here, Cr-based 

body-centred-cubic (bcc) alloys of the type Cr(Fe)-NiAl are investigated, leading to ‘bcc-

superalloys’ comprising a bcc-Cr(Fe) matrix (β) strengthened by ordered-bcc NiAl 

intermetallic precipitates (β’), with iron additions to tailor the precipitate volume fraction and 

mechanical properties at high temperatures. Computational design using CALculation of 

PHAse Diagram (CALPHAD) predicts that Fe increases the solubility of Ni and Al, increasing 

precipitate volume fraction, which is validated experimentally. Nano-scale, highly-coherent 

B2-NiAl precipitates with lattice misfit ~ 0.1% are formed in the Cr(Fe) matrix. The Cr(Fe)-

NiAl A2-B2 alloys show remarkably low coarsening rate (~102 nm3/h at 1000 °C), 

outperforming ferritic-superalloys, cobalt- and nickel-based superalloys. Low interfacial 

energies of ~ 40/20 mJ/m2 at 1000/1200 °C are determined based on the coarsening kinetics. 

The low coarsening rates are principally attributed to the low solubility of Ni and Al in the Cr 

matrix. The alloys show high compressive yield strength of ~320 MPa at 1000 °C. The Fe-

modified alloy exhibits resistance to age softening, related to the low coarsening rate as well 

as the relatively stable Orowan strengthening as a function of precipitate radius. Microstructure 

tailoring with Fe additions offers a new design route to improve the balance of properties in 

“Cr-superalloys”, accelerating their development as a new class of high-temperature materials.  

Keywords 

chromium, bcc-superalloy, coarsening kinetics, strengthening, electron microscopy 

1. Introduction 

As an important part of low-carbon energy deployment, next-generation concentrated solar 

plants (CSP), operating between 700–1000 °C, aim to integrate ceramic particles as the primary 

heat transfer medium allowing thermal energy storage, with a secondary loop of supercritical 

carbon dioxide (s-CO2) utilising Brayton power cycles to improve thermal efficiency [1–6]. 

However, this design creates significant material challenges for the heat exchanger tubes, 

including strength, creep, erosion/wear resistance at temperatures T > 700 °C, alongside 

resistance to oxidation and s-CO2 corrosion [2,3]. While some advanced austenitic stainless 
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steels and nickel-based superalloys provide an acceptable balance of properties at T = 600–

800 °C, a further increase in service temperature is limited by their strength/corrosion at T > 

800 °C [7,8]. Thus, the development of high-performance alloys based on refractory metals are 

sought for the advanced CSP application. 

Chromium (Cr) based materials are considered attractive for high-temperature applications, 

initially for jet engines [9] and nowadays for CSP [5], due to their high melting point (1907 °C 

for Cr, compared with nickel (Ni) (1455 °C) and iron (Fe) (1538 °C) [10]), low cost (compared 

to Ni and other refractory metals, see Section S1), low density, good thermal conductivity, and 

exceptional oxidation resistance [11], cf. Table S1. Since the first consideration of a Cr base 

alloy system in the 1940s, it is known that the strengthening and ductilisation of Cr alloys is a 

key point for the deployment of their application [12]. During the 1950s and 60s, extensive 

research was conducted into binary additions to Cr. While it is mostly accepted that pure Cr is 

brittle at room temperature, the ductility of pure Cr is still debatable as its Ductile to Brittle 

Transition Temperature (DBTT) varied from -196 °C to 300 °C, which was reported to depend 

strongly on its purity, particularly on the nitrogen content [13]. It was found that the DBTT of 

Cr is also sensitive to the grain structure and surface conditions [14–16]. Furthermore, solute 

additions tend to strengthen Cr as well as ductilising it. But the effect of solute addition is 

complex. Some elements may lower the hardness of Cr at low concentrations, referring to 

solution softening effects [17,18]. Rhenium and some other elements (e.g. Fe) showed 

ductilising effects [19–21]. However, with a gap of research on Cr alloys appearing since the 

1980s, chromium-based alloys for high-temperature uses still face challenges in high-

temperature strength, room temperature ductility and oxidation resistance above 900 °C [22]. 

Inspired by the 𝛾-𝛾’ microstructure of face-centred cubic (fcc) Ni-based superalloys which 

exhibit an exceptional combination of strength, oxidation resistance and toughness [23], a new 

look to the design of Cr alloys has been taken. A “bcc-superalloy” design strategy has been 

recently proposed in many body-centred cubic (bcc) metals, e.g. Fe [24,25], Cr [26–28], 

tungsten (W) [29], titanium (Ti) [30] to create alloys with high strength. These alloys comprise 

a A2-type 1  disordered bcc matrix (so-called 𝛽 phase) with ordered-bcc intermetallic 

precipitates (so-called 𝛽’ phase), such as B2-type1 (CsCl structure) NiAl or TiFe, and L21-

type1 AlNi2Ti. Cr-NiAl alloys follow the bcc-superalloy strategy and are analogous to the well-

developed Fe-NiAl ferritic superalloys, but Cr-NiAl remains a nascent class of materials with 

only limited data to date. It has been reported that highly coherent B2-NiAl precipitates 

adopting a cube-cube orientational relationship can be finely dispersed in the A2-Cr matrix 

after thermal ageing [26,27]. The theoretical lattice misfit (δ) is low and is expected to be 

|δ|=<0.1% at room temperature (aCr = 288.5 pm [31] and aNiAl = 288.7 pm [32]), although the 

misfit has not yet been experimentally determined. This design is expected to strengthen the 

alloys with improved creep resistance without degrading the existing ductility. Creep 

experiments showed that the presence of the NiAl phase significantly improves the creep 

resistance of Cr compared to unreinforced Cr at 850 °C [28]. These alloys are referred to as 

Cr-based “bcc-superalloys” (“Cr-superalloy” for short) as similarly defined for other novel 

alloys utilising a β-β’ “bcc-superalloys” microstructure concept, for example, ferritic 

superalloys [33,34], tungsten bcc-superalloys [29], and increasingly commonly now refractory 

high entropy superalloys (RSAs) [35–37]. 

However, unlike Fe-NiAl or Ni-Ni3Al systems, Cr-NiAl has a large dual-phase (A2-B2) 

miscibility gap with a narrow A2 single-phase area. It has been proven to be difficult to 

homogenise the microstructure by heat treatment in Cr-NiAl alloys, with the retention of a 
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dendritic microstructure and primary eutectic NiAl precipitates after homogenisation [28]. 

Phase diagram calculations (which underpin modern Integrated Computational Materials 

Engineering (ICME) alloy development) show large discrepancies in the single-phase A2 

region between different databases [38–40]. A Cr-NiAl pseudo-binary diagram assessment 

suggests a maximum solubility limit of about 10%Ni+10%Al (atomic percent, at.%) in the A2-

Cr [40], larger than experimental values reported, upon which the majority of CALculation of 

PHase Diagram (CALPHAD) assessments are currently based [41,42]. Whilst the Cr-Ni-Al 

ternary system has been quite extensively explored by experiments and simulations, major 

efforts have been made on the Ni-rich side, leaving critical discrepancies in the predicted A2-

Cr(Ni,Al) solubility limit: a key parameter controlling precipitate volume fraction of NiAl 

precipitates and ageing temperatures. There is a need for new design strategies and improved 

experimental understanding of A2-Cr(Ni,Al) to enhance the accuracy of CALPHAD models, 

thus enabling the application of ICME methods to accelerate Cr-superalloy development. 

In addition to the investigation of the ternary system, this work presents the first attempt 

to develop quaternary Cr-superalloys Cr(Fe)-NiAl tailored by Fe additions. Fe is chosen due 

to its (i) low cost, (ii) large solubility in Cr, (iii) beneficial effect on Ni and Al solubility, and 

(iv) beneficial effect on strength and ductility [12,20]. The influence of Fe on the 

microstructure after homogenisation heat treatment is studied. Then, the focus shifts to the 

ageing behaviour of a quaternary alloy and its corresponding ternary system, compared to the 

ferritic, nickel and cobalt superalloys. The mechanical properties including age softening and 

stress-strain response at room/high temperatures are investigated, followed by detailed 

microstructure characterisation to understand the thermal stability of β-β’ microstructure and 

deformation mechanisms. 

 

2. Methods 

2.1. Preparation of materials 

The alloy designs were guided by CALPHAD analysis in the Thermocalc software using 

the TCHEA-6 database. Four Cr-Ni-Al ternary and two Cr-Ni-Al-Fe quaternary alloys 

(compositions in Table 1) were prepared by arc melting of pure elemental Cr (> 99.995%), Ni 

(>99.98%), Al (>99.9%), and Fe (>99.98%) under an argon atmosphere, following vacuum 

cycling. Ti was first melted three times to absorb any remaining oxygen. Then the ingots were 

melted, turned and remelted four times, cut and broken into pieces and remelted four more 

times to ensure chemical homogeneity. The bulk composition was measured (Table 1) using a 

scanning electron microscope (SEM) JEOL-7000F (20kV) equipped with energy dispersive X-

ray spectroscopy (EDS) by averaging five 100x100 µm2 areas at different positions. Minor 

casting pores were observed but the area fraction was small (<1%).  

 

Table 1: Composition (at.%) measured by SEM/EDS. 

Nominal (at%) 
Measured composition 

Cr Ni Al Fe 

Cr-3.5Ni-3.5Al 93.2 ± 0.5 3.5 ± 0.3 3.3 ± 0.3 / 

Cr-5Ni-5Al 89.7 ± 0.5 5.5 ± 0.3 4.8 ± 0.3 / 

Cr-10Ni-10Al 79.9 ± 0.2 10.7 ± 0.3 9.4 ± 0.4 / 
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The as-cast alloys (about 10x10x5 mm3) were encapsulated in silica glass ampoules (inner 

diameter 15 mm and outer diameter 18 mm), with vacuum-argon cycles three times, then 

backfilled with a partial pressure of argon allowing 1 bar pressure at heat treatment temperature. 

Afterwards, the ampoule was heat treated at 1400 °C for 20 hours then water quenched to room 

temperature, intending to homogenise the microstructure. The homogenisation temperature 

was chosen based on the differential thermal analysis in [26]. To quench the sample after heat 

treatment, the glass ampoule with the samples inside were removed from the furnace and 

quenched immediately (~1 second later) into water at room temperature (15-25 °C). The 

ampoule was then cracked open within the water. We stirred the opened ampoule with the 

samples inside in water to accelerate the cooling. It is not possible to measure the cooling rate 

as it is difficult to monitor the temperature of the sample when it is under water. But the sample 

were in general completely cooled down at most within 20 seconds from 1400 °C to room 

temperature. Thus, we would suggest an average cooling rate of > 70 °C/s. To study the ageing 

behaviour, two homogenised alloys (Cr-5Ni-5Al and Cr-5Ni-5Al-10Fe, atomic percent, used 

thereafter) were cut into small pieces and encapsulated in the same manner as for the 

homogenisation treatment, then aged at 1000 °C or 1200 °C for 4/20/100/240 hours. 

 

2.2. Microstructural and elemental characterisation 

X-ray diffraction (XRD) was performed on powder produced from the Cr-5Ni-5Al and Cr-

5Ni-5Al-10Fe alloys aged at 1000 °C (20 hours). The powder was obtained by mechanical 

grinding of the bulk samples, annealed at 500 °C for 15 min under argon to stress relief the 

powder and then loaded in 0.5 mm diameter borosilicate capillaries. Additional control 

measurements were made on the grinding powder without the annealing, to ensure that the A2 

and B2 peak diffractions were already present and that the low extra oxide peaks observed after 

the annealing were absent. Synchrotron X-ray diffraction (SXRD) was performed on Beamline 

I11 at Diamond Light Source using a wide-angle position sensitive detector with an intrinsic 

2θ step size of 4 millidegrees; wavelength λ = 82.6596(10) pm (calibrated using a NIST Si 

640c standard); and a collection time of 120 seconds. Rietveld refinement of the XRD spectra 

was performed using FULLPROF Suite to determine the lattice parameters of the Cr(Fe) matrix 

aCr and NiAl precipitates aNiAl. The lattice misfit between the A2 matrix and B2 precipitates 

was calculated as [43,44]: 

𝛿 =
2(𝑎𝐵2−𝑎𝐴2)

𝑎𝐵2+𝑎𝐴2
         Equation 1 

SEM samples were ground to a 4000-grit (SiC) surface finish and polished by a colloidal 

silica polishing suspension. Analysis of the area fraction of different phases and precipitate 

Cr-20Ni-20Al 60.0 ± 0.2 19.6 ± 0.2 20.4 ± 0.2 / 

Cr-5Ni-5Al-10Fe 80.8 ± 0.1 4.6 ± 0.1 5.1 ± 0.1 9.5 ± 0.1 

Cr-10Ni-10Al-20Fe 59.4 ± 0.3 9.8 ± 0.2 10.6 ± 0.1 20.3 ± 0.1 
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radius based on SEM images was conducted using the Trainable Weka Segmentation (TWS) 

plugin in Fiji software [45]. In brief, the TWS plugin was trained to produce a classifier 

segmenting images into areas of matrix and precipitate phases and applied to the whole image 

to automatically produce a probability map with homogeneous contrast in both phases, which 

allows us to distinguish the two-phase areas simply with contrast threshold. Images with 

complex contrast were also measured using a deep-learning scheme developed recently [46]. 

Note that the particle radius measured on the plane section based on the SEM image analysis 

is divided by a factor of 0.82 to convert to 3D precipitate radius [47,48], which is shown on the 

figures. The probability density 𝑃 is determined using the following equation [24]: 

𝑃 =  
𝑁𝑖(𝑟,𝑟+∆𝑟)

∑ 𝑁𝑖(𝑟,𝑟+∆𝑟)

�̅�

∆𝑟
        Equation 2 

with 𝑁𝑖(𝑟, 𝑟 + ∆𝑟), the number of particles in a given radius interval ∆𝑟; �̅�, the mean radii of 

precipitates. Standard deviations of precipitate radius are indicated by error bars in the reported 

size distribution. 

Transmission electron microscope (TEM) lamella and atom probe specimens were lifted 

out using Focused Ion Beam (FIB) equipped on an FEI Quanta 3D field emission gun (FEG) 

dual-beam SEM. Prior to lamella lift-out, Electron BackScattering Diffraction (EBSD) was 

performed. Based on the orientation from EBSD, lamellas were lifted out so that their normal 

were close to a <011> direction to facilitate high-resolution observations. The lamella was 

successively thinned using 30 keV Ga+ with a beam current of 1 nA, 0.5 nA, 0.1 nA and 50 pA. 

After the final step, the lamella was polished until it was transparent at 5 keV electron followed 

by a cleaning using 5 keV Ga+ of 48 pA for 2 min. TEM and Scanning TEM (STEM)/EDS was 

performed using a Tecnai F20 at 200 kV equipped with Oxford INCA EDS instrument. The 

matrix composition in Cr-5Ni-5Al aged at 1200 °C was measured by averaging ten points in 

the matrix using STEM/EDS. The precipitate composition was measured by averaging ten 

precipitates larger than 200 nm in diameter to avoid overlap and partial measurement of the 

surrounding matrix. Aberration-corrected Scanning Transmission Electron Microscopy (ac-

STEM) using a JEOL ARM300CF microscope operated at 300 kV was used for high-resolution 

imaging. Angular dark-field (ADF) STEM images were obtained using a probe convergence 

angle of ∼33.6 mrad and an annular detector with an inner and outer radius of ∼77 and ∼209 

mrad, respectively. Background filtering of atomic resolution annular dark-field STEM images 

was performed via a radial difference filter (HREM-Filters-v.2.5.1, HREM Research Inc.), 

matched to the image information limit with edge smoothing of 20%. A 5th order Butterworth 

filter was applied to rFFTs (“Streak-Free FFT”, dmscripting.com) to remove streaks due to 

image edges. 

Atom Probe Tomography (APT) was performed using a Cameca LEAP 5000 XR at the 

University of Oxford. In APT, samples were analysed using voltage pulsing at a specimen 

temperature of 50 K, pulse fraction of 20%, pulse frequency of 250 kHz and detection rate of 

0.5%. Data reconstruction and analysis were carried out using Cameca AP Suite 6.1 software. 

The reconstruction was conducted based on the voltage evolution with an image compression 

factor of 1.65 and a k factor of 3.3. The initial tip radius was adjusted to obtain spherical 

precipitates as observed in SEM and TEM. The peak at 29 Da was assigned to Ni2+. The peak 

at 27 Da was assigned to Cr2+ within the matrix and Fe2+ within the precipitates according to 

the natural abundance of the isotopes. The composition of the matrix was obtained from an 

atom-count weighted average of five regions of interest and the composition of the precipitates 

was determined inside 40 at% Ni iso-concentration surfaces. 
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2.3. Mechanical properties 

Compression tests were performed on 4 mm diameter cylinders of 6 mm length with a 

strain rate of 3.3x10-4 s-1 (~2 𝜇m s-1) at 25/300/450/800/900/1000 °C in air using an Inspekt 50 

compression rig. Cylinders were sectioned using Electrical Discharge Machining (EDM) 

followed by surface grinding using P500 SiC paper. A thermocouple (uncertainty of ±10 °C) 

was placed close to the sample during the compression to monitor the temperature. Vickers 

hardness was measured using 0.5 kg load. The spacing of the indentation is 500 µm, about 10 

times larger than the indents, repeated in least five different places across the sample. The 

spacing of indentation is large enough to avoid the effect from each other and to measure 

different grains. Standard deviations are indicated by error bars in the reported average 

hardness. A binary alloy Cr-10at%Fe was arc melted, and homogenised at 1400 °C for 20 hours. 

The hardness of the Cr-10Fe alloy was measured and approximated as the hardness of the 

matrix phase of Cr-5Ni-5Al-10Fe for the analysis of strengthening mechanisms.  

 

3. Results  

3.1. Alloy design and phase diagram of the Cr-Ni-Al system 

The Cr-superalloys studied are designed to comprise finely dispersed B2-NiAl precipitates 

in an A2-Cr matrix. A key point in alloy design is to select alloys with a single phase A2 field 

at high temperatures and a dual phase A2+B2 at intermediate temperatures, allowing a two-

step thermal process of A2 homogenisation and B2 precipitation. The limit of the amount of 

solutes, namely solubility, is important as it determines the precipitate volume fraction and the 

strengthening effects. The microstructure of the four ternary alloys after the heat treatment at 

1400 °C for 20 hours are shown in Fig. 1. The homogenisation is not achieved in Cr-20Ni-

20Al, Cr-10Ni-10Al and Cr-5Ni-5Al. Dendritic microstructures are observed in Cr-20Ni-20Al 

and Cr-10Ni-10Al alloys. The dendrite phase is rich in Cr and surrounded by a continuous 

interdendritic phase, identified as NiAl, based on SEM-EDS characterisation. The 

microstructure of Cr-5Ni-5Al is not dendritic but shows a secondary B2 phase at grain 

boundaries (GB). A single-phase microstructure is successfully achieved for Cr-3.5Ni-3.5Al, 

avoiding the formation of eutectic or GB precipitates. The area fraction of the micron-scale 

interdendritic NiAl phase is 4% for Cr-5Ni-5Al, 13% for Cr-10Ni-10Al, and 35% for Cr-20Ni-

20Al.  
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Fig. 1 SEM/EDS showing the microstructure in Cr-3.5Ni-3.5Al, Cr-5Ni-5Al, Cr-10Ni-10Al and 

Cr-20Ni-20Al after the homogenisation heat treatment at 1400 °C for 20 hr. Dendritic (den) 

regions are A2-Cr(Ni,Al), secondary phase at grain boundary (GB) and interdendritic (id) 

regions are B2-NiAl. 

The ternary phase diagram of Cr-Ni-Al at 1400 °C is plotted in Fig. 2(a). The Cr-Ni-Al 

ternary system has a wide A2+B2 field, with indeed a potential for single-phase A2 alloys 

solution heat-treated at 1400 °C and B2 precipitation at lower temperatures. The compositions 

and microstructure types (single-phase or dual-phase) of the studied ternary alloys after 

homogenisation heat treatment at 1400 °C are plotted in the ternary phase diagram in Fig. 2(a). 

The measured compositions are close to the nominal values as can be seen in Fig. S1 in 

Supplementary Materials. For simplicity, nominal compositions are plotted in the equi-atomic 

vertical section in Fig. 2(b). The maximum solubility of Ni and Al within the single-phase A2 

Cr matrix at 1400 °C is found to be significantly overestimated by CALPHAD when compared 

to the experimental findings. It is worth mentioning that, in all four alloys, fine secondary NiAl 

precipitates are observed in the matrix; these are likely to form during cooling after 

homogenisation due to the low nucleation barrier in A2-B2 systems [49]. 

50µm

50µm

Cr-10Ni-10Al

Cr-20Ni-20Al

Cr-5Ni-5Al

den

id

den

50µm

Cr-3.5Ni-3.5Al

id

Cr Ni Al50µm

5µm

GB 

GB 

GB 
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Fig. 2 (a) Ternary phase diagram of Cr-Ni-Al at 1400 °C. (b) Vertical section of equimolar Ni-

Al showing the Cr-NiAl binary phase diagram, including data from [41,42] and the present 

work. Inset SEM micrographs of (i) Cr-3.5Ni-3.5Al, (ii) Cr-5Ni-5Al, (iii) Cr-10Ni-10Al and (iv) 

Cr-20Ni-20Al after homogenisation at 1400 °C for 20 hours showing grain boundary 

precipitates (GB ppts), dendrites (den) and interdendritic phase (id); microstructure in Cr-

5Ni-5Al aged at (v) 1000 °C showing precipitates (ppt). 

Nano-scale spherical B2-NiAl precipitates are observed in both 1200 °C and 1000 °C heat-

treatment conditions. To further assess the A2 to B2 solvus, the compositions of both phases 

were measured in the Cr-5Ni-5Al alloy after ageing at 1200 °C for 20 hours, giving 97.8Cr-

1.3Ni-0.9Al (A2) and 4.8Cr-52.7Ni-42.5Al (B2) by STEM/EDS. Most of precipitates have a 

diameter larger than the sample thickness which allows for avoiding the signal contribution 

from the matrix. For the sample aged at 1000 °C for 20 hours, the precipitates are small so the 

compositions were measured using by APT, giving 98.7Cr-0.3Ni-0.9Al (A2) and 0.9Cr-

52.7Ni-46.4Al (B2) (plotted in Fig. 2(b)). It is worth noting that the excess of Ni over Al in the 

B2 phase is consistent with tie lines in the ternary phase diagrams at 1200/1000 °C (Fig. S1). 

The A2-Cr solubility limit for Ni+Al limits the volume fraction of precipitates that can be 

produced. Increases in Ni and Al content beyond this limit promote grain boundary precipitates 

and an interdendritic second phase, both of which are detrimental to ductility. Thus, increasing 

A2 Fe B2 (NiAl, NiTi) 

L21 (Ni2AlTi)

A2+B2

Cr-Ni-Al at 1400°C
By TCHEA-6 database

This work:
◑ Dual-phase
◑ Single-phase 

Al      Ni

b

A2 Fe B2 (NiAl, NiTi) 

L21 (Ni2AlTi)

Cr

A2

B2

Amount of Ni+Al (%at)

a

GB ppt

ppt

den

id

den

id

(i)
(ii)

(iii)
(iv)

(v)

10 µm

1 µm

[35] dual-phase (☆), single-phase (★)
[36] dual-phase () △, single-phase (▲)
This work: 

dual-phase (◑), single-phase (◑)
phase composition (×)
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the A2 Ni+Al solubility for optimising the A2 solvus is a key alloy design point to enhance the 

precipitation volume fraction.  

 

3.2. Effect of Fe on the phase diagram and microstructure 

By alloying with Fe, the Cr matrix is modified to Cr(Fe) and the resulting solubility of 

Ni+Al is different. Fig. 3(a) presents the Cr-rich part of the pseudo-binary phase diagrams of 

Cr(Fe)-NiAl with different Fe contents. The solubility limit shifts from 14% at 1390 °C in the 

ternary to 16.9% at 1374 °C with 10% Fe addition, then to 20.5% at 1357 °C with 20% Fe 

addition. The solubility limit is predicted to increase with increasing Fe content. 

Experimentally, the microstructure of Cr-10Ni-10Al-20Fe can be completely homogenised 

without prior dendrites or grain boundary precipitates, in contrast to the dendritic 

microstructure in Cr-10Ni-10Al, Fig. 3(b). These experimental results are instructed by, and in 

agreement with, the CALPHAD calculation on the solubility of Ni+Al in the Cr(Fe) matrix. 

Furthermore, Fe additions increase the nano-scale precipitate volume fraction of 5.8% and 

hardness of 396 HV0.5 in Cr-10Ni-10Al to 14% and 573 HV0.5 in the Cr-10Ni-10Al-20Fe 

after ageing (Fig. 3c), enhancing the microstructural design of Cr-superalloys.  

 

Fig. 3 (a) Predicted pseudo binary phase diagrams of Cr-NiAl and Cr(Fe)-NiAl using TCHEA-

6 showing the effect of Fe addition on the solubility limit of Ni and Al as a function of Fe. The 

solubility limits shown by the cross are 14% at 1390 °C without Fe, 16.9% at 1374 °C with 10% 

Fe and 20.5% at 1357 °C with 20% Fe. Horizontal arrows pointing out solvus temperature for 

Cr-5Ni-5Al and Cr-5Ni-5Al-10Fe. (b) Microstructures of Cr-10Ni-10Al without Fe and with 

20 at.%Fe after homogenisation at 1400 °C for 20 hours. (c) Microstructure after ageing at 

1000 °C for 20 hours showing the area fraction of precipitates fppt and Vickers hardness, H, in 

Cr-10Ni-10Al and Cr-10Ni-10Al-20Fe. 

 

3.3. Precipitate coarsening during ageing 

In the following part, the precipitate coarsening behaviour between the ternary Cr-5Ni-5Al 

and the quaternary Cr-5Ni-5Al-10Fe alloys is presented. These alloys were selected because 

                  



 10 

they exhibit similar microstructures without dendrites and meet the superalloy design objective. 

In addition, the influence of Fe addition on the microstructure and properties of Cr-NiAl alloys 

could be evidenced by studying these two alloys. According to the pseudo-binary phase 

diagram in Fig. 2(b) and Fig. 3(a), the hardening precipitation treatment in the Cr-rich region 

can be carried out at temperatures lower than the solvus temperatures indicated in Fig. 3(a). 

The evolution of precipitates in Cr-5Ni-5Al and Cr-5Ni-5Al-10Fe alloys subjected to ageing 

at 1000 °C and 1200 °C is investigated. SEM images showing the microstructures are presented 

in Fig. 4(a,c). In both alloys and ageing temperatures, precipitates are embedded in the matrix 

and remain with a spherical morphology for all ageing times. The volume fraction is similar in 

all conditions, around 5.9±1.2% (1000 °C) and 4.7±1.8% (1200 °C) in Cr-5Ni-5Al and 6.0±0.8% 

(1000 °C) and 4.5±0.8% (1200 °C) in Cr-5Ni-5Al-10Fe. The corresponding precipitate size 

distribution with the number of precipitates and the mean radius is presented in Fig. 4(b,d). 

 

Fig. 4 Microstructure of (a) Cr-5Ni-5Al and (c) Cr-5Ni-5Al-10Fe aged at 1000 °C and 1200 °C 

for 4/20/100/240 hours showing the coarsening of the precipitates with the corresponding 

precipitate size distribution in (b,d) respectively. fppt represents the area fraction of precipitate. 

 

Precipitates grow and coarsen during ageing as shown by the increase in the mean 

precipitate size as shown in Fig. 4. Here, it is reasonable to assume that coarsening is the 

predominant phenomenon under these heat treatments since the volume fraction for a given 

temperature in each alloy is small and similar for all ageing times. The coarsening kinetics of 

precipitates and the effects of alloying elements on the coarsening process of precipitates are 

important parameters to control the creep resistance of the alloys. Fig. 5(a) plots the increase 

of equivalent precipitate radius, �̅�3, against the ageing time 𝑡. �̅� is the mean radii of precipitates. 

Fig. 5(a) shows straight lines for the four cases with a positive intercept to the y-axis. The 

evolution of equivalent radius can thus be expressed as follows: 

�̅�3 – �̅�0
3  =  𝐾𝑡         Equation 3 

                  



 11 

with K, the coarsening rate constant and �̅�0 at the homogenised condition. This suggests that 

the precipitate coarsening in this study follows the diffusion-controlled coarsening rules by the 

Lifshitz-Slyozov-Wagner (LSW) theory, known as Ostwald ripening [50–52]. Comparing the 

Fe-free and Fe-containing alloys, as shown in Fig. 5(a), the addition of Fe increases the 

coarsening rate constant at both ageing temperatures.  

  

Fig. 5 (a) Plot of r3-r0
3 versus ageing time for coarsening rate determination. (b) Coarsening 

rate as a function of the ageing temperature of Cr-superalloys, some ferritic superalloys 

[24,48,53–55], Co-based superalloys [56,57] and Ni-based superalloys [58–62]. The error 

bar shows the standard deviation of measured data.  

Fig. 5(b) presents the coarsening rate constant of Cr(Fe)-NiAl alloys as a function of 

temperature. Surprisingly, it is noted that the coarsening rate constant of Cr(Fe)-NiAl alloys is 

by at least two orders of magnitude lower than the other common bcc-superalloys (ferritic 

alloys) [24,48,53–55] and fcc-superalloys (cobalt-based [56,57] and Ni-based [58–62]) to date 

(Fig. 5(b)), even though the Fe addition increases the coarsening rate slightly. The remarkably 

low coarsening rates demonstrate unprecedented microstructural stability at high temperatures, 

which is optimal for creep resistance and ensures a longer service life of the alloy. 

 

3.4. Ageing-hardness relation and stress-strain response 

Fig. 6 shows the Vickers hardness of Cr-5Ni-5Al and Cr-5Ni-5Al-10Fe aged at 1000 °C 

as a function of the ageing time. Both ternary and quaternary alloys show highly improved 

hardness compared to pure Cr of which the hardness is measured to be ~150 HV. The hardness 

of the quaternary alloy (> 500 HV) is higher than IN718 (300-400 HV), pure W (400-450 HV) 

and comparable to some new W-based alloys [29]. The quaternary alloy is harder than the 

ternary, which is attributed to the recombination of both precipitate strengthening and solid 

solution strengthening by Fe in the matrix. Both alloys show age-softening (hardness decrease 

with the ageing time), suggesting a softening lead by the coarsening process. Interestingly, the 

quaternary alloy exhibits reduced age softening compared to the ternary alloy. 
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Fig. 6 Vickers Hardness (HV) of Cr-10Fe (matrix), Cr-5Ni-5Al and Cr-5Ni-5Al-10Fe under 

different heat treatment conditions and ageing at 1000 °C. Hardness was measured at room 

tempreature (RT). 

 

Compression tests at various temperatures were performed to investigate the stress-strain 

response of Cr-5Ni-5Al and Cr-5Ni-5Al-10Fe (aged at 1000 °C for 20 hours). Samples were 

compressed to failure or up to 60% of their original length. Fig. 7 presents the results of up to 

20% deformation at 24/300/450/800/900/1000 °C. The compression of the ternary alloy at 

room temperature and 1000 °C was repeated and showed good reproducibility so here only a 

single curve is plotted. The compression Cr-superalloys alloyed with Fe exhibit higher strength 

than the ternary alloys, with yield stress ~1.3 GPa at room temperature, and can retain its high 

strength (~320 MPa) at 1000 °C. Both alloys show compressive ductility to some extent at RT 

and 300 °C but cracking occurred during the deformation. It is worth noting that cracking 

occurs for temperatures < 450 °C with jags observed in the stress-strain curves. The cracking 

leads to a drop of stress which causes a lower stress at 300 °C than at 450 °C. At 

temperatures > 800 °C, the alloys exhibit smooth deformation. 

 

  

Fig. 7: Strain-stress response of Cr-5Ni-5Al and Cr-5Ni-5Al-10Fe aged at 1000 °C for 20 

hours under compression from room temperature to 1000 °C with a strain rate 3.3x10-4 s-1. 
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3.5. Microstructure characterisation of Cr(Fe)-NiAl (1000 °C, 20h) 

A ternary and a quaternary alloy under one ageing condition were selected for further 

microstructural characterisation. In both aged alloys, A2 and B2 structures are identified using 

SXRD (Fig. 8). The two phases correspond to the A2 Cr-rich matrix and the nano-scale 

spherical B2-NiAl precipitates (homogeneously distributed through the matrix according to 

SEM observations). Some extra peaks are not considered in the analysis as they appeared after 

the powder annealing treatment (stress relief treatment), suggesting that they are from oxides 

formed during the annealing. The lattice parameters are measured based on the Rietveld 

refinement and listed in Table 2 with a lattice misfit of 0.142±0.006% and 0.163±0.007% in 

the ternary and quaternary alloys respectively. The XRD results show a low effect of Fe 

addition on the A2 and B2 lattice parameters and in consequence a small influence on the lattice 

misfit. 

 

Fig. 8: Synchrotron powder X-ray diffraction (SXRD) patterns of (a) Cr-5Ni-5Al and (b) Cr-

5Ni-5Al-10Fe aged at 1000 °C for 20 hours (λ = 82.6596 pm). The extra superlattice reflections 

from B2 ordering are indicated with an asterisk with at least 5 peaks observed as shown in the 

left inset graphs. Extra oxide peaks due to powder heat treatment are shown in left inset graphs. 

Overlap of A2 and B2 peaks with B2 contribution is shown at high angle peaks in right inset 

graphs.  

Table 2: Lattice parameters of the A2 matrix and B2 precipitates measured by SXRD powder 

diffraction with the lattice misfit. The alloys are aged at 1000 °C for 20 hours. 

Alloys aCr (pm) aNiAl (pm) aA2 (pm) aB2 (pm) Misfit (%) 

Cr-5Ni-5Al 288.5 [31] 288.7 [32] 288.54(1) 288.95(1) 0.142(6) 

Cr-5Ni-5Al-10Fe / / 288.29(1) 288.76(1) 0.163(7) 
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Diffraction patterns using TEM in Fig. 9(b) show that the precipitates have a cube-cube 

orientation relationship (<001>A2//<001>B2, {100}A2//{100}B2) with the matrix, same as the 

observation in a Fe-free Cr-NiAl alloy [27]. The precipitates and matrix are highly coherent 

with the diffraction spots of the A2 and B2 phases completely superimposed except the B2 

superlattice reflections. HR-STEM observations (Fig. 9(d)) also reveal that their interface is 

coherent. No dislocations could be found in Fourier-masked micrographs using {200} and {110} 

orientation. Across the interface of the precipitate (diameter about 60 nm) shown in Fig. 9(c), 

only two interfacial dislocations are detected in a {112} orientation as shown in Fig. 9(g). It is 

worth to mention that there are two types of artefact objects observed by TEM as shown in Fig. 

9c. The first type is some barely visible dark spots of < 1 nm in the NiAl precipitate, likely 

FIB-induced damage. The second type is some white spots of < 10 nm across the image and 

sample, assumed to be the oxidation of the sample. The white spots with size of about 10 nm 

in Fig. 9(c) are related to the oxidation of the sample. 

  

Fig. 9: Microstructural characterisation of Cr-5Ni-5Al-10Fe aged at 1000 °C for 20 hours. (a) 

SEM secondary electron micrograph showing the general matrix-precipitate microstructure. 

(b) TEM diffraction patterns along <011> zone axis showing the cube-to-cube orientation 

between the matrix and precipitates. (c) High angle annular dark field (HAADF) STEM image 

along <110> zone axis with yellow dashed line highlighting the precipitate boundary. (d) 

Atomic scale HAADF-STEM images with inset images showing the corresponding details of 

each crystal lattice and reduced Fast Fourier Transforms (rFFTs), with fields-of-view of 1.29 

nm and 27.7 nm-1, respectively. (e-h) Fourier-masked micrographs acquired from the red 

rectangle area in (c) showing the highly coherent interface structure with interfacial 

dislocations detected only using a <211> reflection. 

 

Fig. 10(a,b) shows the element distribution in an exemplar APT sample of the 

quaternary and ternary alloy. The composition of the matrix and the precipitates of Cr-5Ni-

5Al-10Fe and Cr-5Ni-5Al aged at 1000 °C for 20 hours was determined across numerous 

samples, comprising more than 150 million ions per condition. As expected, Ni and Al are 

enriched in the β’ precipitates demarcated by 25% Ni iso-concentration surfaces. Fe mainly 

partitions to the matrix and is only slightly incorporated into the intermetallic precipitates. The 
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concentration profiles of the major elements across the interfaces are shown in Fig. 10(c) by 

means of proximity histogram analyses. Proximity histograms show the chemistry as a function 

of distance from an interface as defined by an iso-concentration surface. Cr, Ni and Al show 

similar behaviour across the interface in both alloys with a transition width of less than 2 nm. 

In the quaternary alloy, a slight enrichment of Fe at the interface can be observed. Further, 

alloying with Fe slightly increases the Ni and Al content measured in the matrix compared to 

the ternary alloy. The results of the phase compositions are summarised in Table 3.  

The phase composition also allows the determination of the β’ volume fraction 𝜙β’ 

using the Lever rule: 

𝐶𝑛,𝑖 = 𝜙𝛽′𝐶𝛽′,𝑖 + (1 − 𝜙𝛽′)𝐶𝛽,𝑖       Equation 4 

where 𝐶𝑛,𝑖 is the nominal concentration of the species i, 𝐶𝛽′,𝑖 and 𝐶𝛽,𝑖 are the concentrations of 

the species i in the precipitate and the matrix respectively. The plot of 𝐶𝑛 − 𝐶𝛽 versus 𝐶𝛽′ −

𝐶𝛽,𝑖 should yield a straight line with the gradient equal to the volume fraction 𝜙𝛽′. The average 

�̅�𝛽′ is calculated to be 7.5% as given in Table 3. The volume fraction by APT is consistent 

with the SEM observation; the SEM observations suggest 6% precipitate volume fraction 

which is slightly lower than the value by APT but in reasonable agreement with the uncertainty. 

In the Cr-5Ni-5Al alloy, both large and small precipitates are observed with comparable 

composition. The small precipitates are assumed to form during cooling, which suggests again 

that the addition of iron increases the solubility of Ni and Al and suppresses the formation of 

secondary precipitates during the quenching. The volume fraction calculated using the Lever 

rule is 8.9% in the ternary alloy. This agrees well with the results obtained by SEM, as 𝜙𝛽′ 

determined by APT represents the sum of all β’ phases including the ageing-induced 

precipitates (measured as 5.9% in Fig. 4(b)) and secondary B2 phase at grain boundaries 

(measured as 4% in Fig. 1).  

 

Fig. 10: Atom maps showing the distribution of the major elements with precipitate/matrix 

demarcated using 25% Ni isosurfaces along in (a) Cr-5Ni-5Al-10Fe and (b) Cr-5Ni-5Al aged 

at 1000 °C for 20 hours with (c) the partitioning of elements across the precipitate/matrix 

interface using proximity histograms. 
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Table 3: Composition (at.%) of Cr-5Ni-5Al-10Fe and Cr-5Ni-5Al alloys (measured by SEM-

EDS) and of constitutive phases (matrix and B2 precipitates) after ageing at 1000 °C for 20 h 

(as determined by APT, all in at.%). Volume fraction deduced by the Lever rule is also given. 

Uncertainties are represented by the standard deviation(s) from the mean values of multiple 

APT tips. 

Alloys Phase Cr Ni Al Fe �̅�𝛽′ by APT  �̅�𝛽′ by SEM 

 nominal 80.8 ± 0.1 4.6 ± 0.1 5.1 ± 0.1 9.5 ± 0.1   

Quaternary matrix 86.1±0.3 1.2±0.1 1.4±0.1 11.2±0.3   

 precipitate 0.9±0.2 51.2±0.3 44.1±0.2 3.7±0.1 7.5±0.3 6.0±0.8 

 nominal 89.7 ± 0.5 5.5 ± 0.3 4.8 ± 0.3 /   

Ternary matrix 98.7±0.1 0.3±0.1 0.9±0.1 /   

 precipitate 0.9±0.3 52.7±0.5 46.4±0.5 / 8.9±0.2 5.9±0.3 

 

4. Discussions  

4.1. Assessment of the Cr-rich region in the Cr-Ni-Al system 

The Cr-Ni-Al ternary system is of interest for both Ni-based and Al-based alloys, 

especially for high-temperature applications such as turbine blades or nuclear reactors. 

Therefore, previous thermodynamic assessments of the ternary system have focused on the Ni-

rich region, resulting in a well-established phase diagram in the Ni-rich corner [63,64]. 

Recently, detailed experimental investigations of the Al-rich part of the system have been 

reassessed which leads to a new description of the Al-Cr system and Al-Cr-Ni system [40]. 

Furthermore, new thermodynamic assessments have been conducted on NiAl-Cr eutectic 

alloys which were approaching the Cr-rich corner [65,66]. These works to date have narrowed 

the Cr-rich A2 region but detailed experimental descriptions are still limited to [41,42]. The 

compositions of A2 and B2 phases at 1200/1000 °C with new tie lines have also been plotted 

in the ternary phase diagrams (Fig. S1), showing that the A2 single-phase area is overestimated 

by the current thermodynamic database. In this work, new experimental data in the Cr-rich 

corner in the Cr-Ni-Al system is presented for further completeness and understanding of the 

phase diagram.  

Along with the addition of Fe, their influence on the solubility of Ni+Al is demonstrated 

while the thermodynamic foundation of this effect requires further modelling investigations. 

The Cr-NiAl alloys tailored by Fe supplements provide a new design foundation for Cr-

superalloys. As shown in Fig. 3(b,c), the aged Cr-10Ni-10Al-20Fe alloy also meets the 

“superalloy design objective”, and it will have a higher precipitate volume fraction than Cr-

5Ni-5Al-10Fe, which may lead to a different creep behaviour and will be of interest for high-

temperature mechanical tests. The comparative study on Cr-5Ni-5Al-10Fe in relation to Cr-

5Ni-5Al aims to investigate the effect of Fe additions on the precipitate coarsening and 

microstructure. Furthermore, a comprise among precipitate volume fraction, coarsening rate 

and strengthening should be considered when selecting the alloy composition in the future. 

4.2. Interface energy and coarsening kinetics 

A coherent interface is expected to provide a better creep resistance [25]. The properties 

of coherent/semi-coherent precipitates, e.g. their coarsening and morphology, are controlled by 

two key parameters: misfit strain and interfacial energy, 𝛾. In Cr(Fe)-NiAl alloys, the low 
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lattice misfits shown in Table 2 indicate a low misfit strain, consistent with the morphology, 

which remains spherical even at diameters closer to micrometres. These observations suggest 

that the interfacial energy dominates the precipitate morphology compared with the misfit 

strain and that the interface energy should be isotropic at 1000 °C and 1200 °C. Precipitates 

with high misfit strain tend to have a cuboidal shape as they align their interface with some 

specific lattice planes to minimize the elastic strain induced by the misfit [55,67]. Consequently, 

𝛾  should be dominating over misfit strain on the precipitate coarsening and morphology. 

However, data on the interface energy in the Cr-NiAl system is rare. Wu et al. reported an 

interface energy 𝛾(110) of 580 mJ/m2 in the Cr-NiAl system by means of the density functional 

theory [68]. Here, the interface energy is determined experimentally by means of the 

coarsening kinetics. The coarsening rate in multi-component systems can be approximated as: 

𝐾 =
8𝛾𝑉𝑚

𝐵2

9𝑅𝑇 ∑ (𝑐𝑖
𝐵2−𝑐𝑖

𝐴2)2/𝐷𝑖
𝐴2𝑐𝑖

𝐴2𝑁
𝑖

       Equation 5 [69] 

where 𝛾 is the interfacial energy; 𝑉𝑚
𝐵2, the molar volume of NiAl; 𝑅, the gas constant; 𝑇, the 

temperature; and 𝑐𝑖
𝑗
 and 𝐷𝑖

𝑗
, the atomic fraction and diffusion coefficient of solute, i, (Ni, Al 

or Fe) in the phase j (A2 or B2), respectively. Diffusion coefficients are calculated using the 

TCMOB2 database in Thermocalc. Phase compositions are measured by STEM-EDS and APT. 

The interface energy is thus proportional to the coarsening rate. Here, the coarsening 

rates and their uncertainty are determined experimentally using the linear regression function 

of the Origin software as shown in Fig. 5 and Table 4. Interface energy is then deduced using 

the parameters in Fig. 11 and presented in Table 4. The values of 𝛾 in the quaternary and 

ternary alloys are similar and are temperature dependent of about 20 mJ/m2 at 1200 °C and 

40 mJ/m2 at 1000 °C, respectively. These results do not reflect a change of 𝛾 due to Fe addition. 

It should be noted that the phase concentration and diffusion coefficients affect the value of 𝛾. 

Here, the determination of phase composition by APT depends on the decomposition method, 

which causes a slight variation of Al and Fe content in the matrix. Nevertheless, the driving 

force controlling the interface value is the term of Ni (𝑐𝑁𝑖
𝐵2 − 𝑐𝑁𝑖

𝐴2)2/𝐷𝑁𝑖
𝐴2𝑐𝑁𝑖

𝐴2 with two orders of 

magnitude higher than the Al and Fe. Thus, the choice of the decomposition method does not 

affect the interface energy value. However, the value of Ni diffusion coefficient 𝐷𝑁𝑖
𝐴2, will 

significantly affect the results as it is proportional to 𝛾 . The accuracy of the diffusion 

coefficients is beyond the scope of this study. 

Table 4: Coarsening rate constants (from Fig. 6a) and interfacial energies in Cr-5Ni-5Al 

(ternary) and Cr-5Ni-5Al-10Fe (quaternary) alloys aged at 1000 °C and 1200 °C. 

Alloy systems Ternary Quaternary 

Ageing temperature T, (°C) 1000 1200 1000 1200 

K (nm3/h) 222±38 4.4±0.2 x104 914±26 6.3±0.3 x105 

γ (mJ/m2) 37±6.5 21±0.8 39±1.7 18±0.5 

 

The 𝛾 measured in Cr(Fe)-NiAl alloys are similar to experimentally reported values of 

10-48 mJ/m2, in Fe-based [48,54], Ni-based [70,71] and Co-based [72] superalloys for 

temperatures between 700-900 °C. But the measured values in Cr-NiAl systems are one order 

of magnitude lower than the modelling result from Wu et al. [68]. On one hand, the discrepancy 

could de due to the uncertainty of diffusion coefficients. On the other hand, the 𝛾 calculated by 

DFT did not consider the temperature effects and the composition transition at the interface. 
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The inconsistency on 𝛾 between modelling and experiments is also observed in other alloy 

systems such as Fe-NiAl [48].  

Given that 𝛾 across the different systems are similar, what is the origin of the 

exceptionally low coarsening rate in Cr(Fe)-NiAl alloys compared to other superalloy systems? 

Based on Equation (5), the dominating terms controlling the coarsening rate comprise the 

difference in solute concentration between matrix and precipitates ∆𝐶𝑖 = (𝑐𝑖
𝐵2 − 𝑐𝑖

𝐴2)2/𝑐𝑖
𝐴2 as 

well as the diffusivities of solute atoms 𝐷𝑖
𝐴2. The coarsening rate decreases with the increase 

in ∆𝐶𝑖 and decrease in 𝐷𝑖
𝐴2. The Cr-superalloy with Fe additions (Cr-5Ni-5Al-10Fe aged at 

1000 °C) is compared to a ferritic superalloy FBB8 at 950 °C [48], a Ni-superalloy IN939 at 

816 °C [73] and a Co-superalloy at 950 °C [57,72]. Phase compositions in the latter three alloys 

are presented in [48,57,73] and the diffusion coefficients are given or deduced from [48,74,75]. 

Fig. 11(a,b) plot the difference in concentration of the major elements between the matrix and 

precipitate and their diffusion coefficients respectively in each alloy. For most solutes in all the 

alloy systems, the difference in concentration is within one order of magnitude from 0.1 to 1. 

However, ∆𝐶𝑖  of Ni and Al in the Cr-superalloy are higher than 10, suggesting a strong 

partitioning of Ni and Al in the precipitates. The low solute concentrations in the matrix should 

suppress the precipitate coarsening. The solute diffusivities 𝐷𝑖
𝐴2 in the Cr-superalloy are much 

lower than the ones in the ferritic and cobalt superalloy except Al but are higher than the ones 

in Ni-superalloy. Note that the diffusion coefficients in the Ni-superalloy is low as the 

temperature is about 150-200 °C lower than the others. Fig. 11(c) presents the sum of ∆𝐶𝑖/𝐷𝑖
𝐴2 

which drives the precipitate coarsening. The value in the Cr-superalloy is much higher than 

that of the Fe and Co systems for a comparable temperature. It is interesting to note that the 

value in Fig. 11(c) in Cr-superalloy at 1000 °C is similar to that in Ni-superalloys at 816 °C. It 

suggests that the interface energy in Cr-superalloys should be similar to the value in Ni-

superalloys since Cr-superalloys at 1000 °C show comparable coarsening behaviour to Ni-

superalloys at 800 °C as shown in Fig. 5(b). It is also worth mentioning that adding Fe increases 

the Ni and Al solubility which thus reduces ∆𝐶𝑖. As the Fe addition has a minor effect on the 

interface energy, the reduction of ∆𝐶𝑖 increases the coarsening rate as observed experimentally. 

By adding Fe as supplement, a compromise between the solubility and microstructure thermal 

stability needs to be considered. 

 

Fig. 11: Contribution of (a) solute concentration difference between the matrix and precipitates 

and (b) diffusivities of solutes on the precipitate coarsening rate in the β-β’ Cr-superalloy (Cr-

5Ni-5Al-10Fe), a β-β’ Fe superalloy FBB8 (Fe-12.7Al-9Ni-10Cr-1.9Mo [48]), a 𝛾-𝛾’ Ni-

superalloy (IN939, Ni-25Cr-18Co-4Al-4.4Ti [73]) and a 𝛾-𝛾’ Co-superalloy (Co-5.6Al-5.8W-

6.6Ti [57]). The base element and solutes <2 at.% are not considered. (c) is the recombination 

of (a) and (b) driving the coarsening of precipitates as the denominator in Eq. 5.  

 

                  



 19 

4.3. Mechanical properties of Cr-superalloys 

It is worth reminding that the “bcc-superalloy” design is intriguing for creating alloys 

with high strength at room and high temperatures. Here the compressive strength of Cr-

superalloys is compared with the tensile strength of some novel alloys and some commercial 

superalloys. The compression test provides a useful first investigation of the strength of novel 

alloys and, thus, is a common way to determine the yield strength of bcc alloys with coherent 

precipitation in the early stages of development e.g. [76–79]. However, it is worth mentioning 

that the compressive strength could differ from the tensile strength of brittle materials. The 

compression stresses of Cr-superalloys offer a fair comparison with tensile stresses of 

commercial alloys in temperatures above their DBTT (e.g. at > 800 °C). The Cr-superalloy 

design offers a significant improvement of strength at T > 800 °C compared to pure Cr, a Ni-

superalloy (Inconel 718) [80], and a Co-superalloy [81] as shown in Fig. 12. Although the 

CMSX-4 Ni-superalloy show higher yield strength than Cr-superalloys (Fig. 13) at T > 800 °C, 

a large amount of refractory elements including rhenium (~3%), tantalum (> 5%) and tungsten 

(> 5%) are alloyed into CMSX alloys to achieve their exceptional high-temperature strength. 

In addition, Cr-superalloys also exhibit high strength compared to some novel alloys such as 

Fe-superalloys (ferritic superalloy FBB8) [82] and refractory alloys (vanadium-based [83], 

tantalum-based alloys [84]) and comparable to some refractory high-entropy alloys (RHEA) 

such as Hf15Nb40Ta25Ti15Zr5 [36]. 

In addition to their strength, the ductility of alloys should also be addressed. The 

compression test in the present work demonstrates that the Cr(Fe)-NiAl alloys preserve, to 

some extent, ductility at temperature > 800 °C, which validates the alloy design, while other 

novel intermetallic-strengthened Cr alloys such as Cr(Mo)-Cr3Si alloys were shown to be 

brittle below 1227 °C [85]. The quaternary alloy shows similar ductility as the ternary, although 

the addition of Fe is expected to improve the ductility. However, in both quaternary and ternary 

alloys compressed at > 800 °C at which the alloys are ductile, surface cracking is observed, 

suggesting that these alloys are surface-notch sensitive [16]. Tensile tests would be more 

appropriate than compression to evaluate the ductility of alloys. However, our focus is on the 

high-temperature yield strength to which the microstructure tends to lead. Without prior 

thermo-mechanical processing, the studied alloys tend to have a high DBTT like most early-

stage bcc alloys with a coherent precipitation [86,88,89]. Meanwhile the microstructure 

resulting from the casting (pores) and homogenisation (millimetric grain sizes) can also result 

in a high DBTT [90]. Further ductilisation of the Cr-superalloys could be addressed via solute 

additions e.g. increasing the Fe content, adding vanadium/cobalt/silver into the matrix [91,92] 

and substituting Ni or Al with Cr/vanadium/manganese to reduce the antiphase boundary 

energy to encourage slip within the NiAl intermetallic [93]. 
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Fig. 12: Room to high-temperature compression 0.2% yield stress of Cr-superalloys compared 

to the tensile yield stress of other alloys for high-temperature uses, including typical fcc Ni-

superalloys (IN718 [80] and single-crystal CMSX-4 [94]), fcc Co-superalloy (Co-Co3(Al, W)-

Ta alloy [81]), bcc ferritic superalloy (Fe-NiAl-Cr [25]), refractory alloys (tantalum-based 

alloys [84], vanadium-based alloys [83], and novel refractory high-entropy alloys (RHEA) 

Hf15Nb40Ta25Ti15Zr5 [36]). 

 

4.4. Strengthening mechanisms 

The hardness (Fig. 6) of the aged Cr-5Ni-5Al-10Fe samples reflected a softening up to 

100 h and a constant value for longer times (240 h). The understanding and further 

microstructural optimisation require an analysis on the operating strengthening mechanism. 

The strengthening in the quaternary alloy is attributed to the solid solution strengthening and 

precipitate strengthening. The grain boundary strengthening is neglected due to the large grain 

size (ca. 1 mm) also indentations were performed far from grain boundaries. The increase in 

shear stress, ∆𝜏𝑒𝑥𝑝, due to particle strengthening in Cr-5Ni-5Al-10Fe is approximated as: 

 ∆𝜏𝑒𝑥𝑝 =
(𝜎𝑦𝑠

𝐻 −𝜎𝑦𝑠
𝐻,𝑚𝑎𝑡)

3𝑀
=

(𝐻−𝐻𝑚𝑎𝑡)

11.4𝑀
      Equation 6 

where 𝜎𝑦𝑠
𝐻  and 𝜎𝑦𝑠

𝐻,𝑚𝑎𝑡
 are the yield stress of the alloy and A2 matrix, respectively, estimated 

from Vickers micro-hardness using Tabor’s empirical equation [95], 𝜎𝑦𝑠
𝐻 = 𝐻/𝑛, with 𝐻 being 

the hardness of the alloy in GPa and 𝑛 = 3.8  a constant deduced from the experimental 

hardness (5.2 GPa) and compression yield stress (1.3 GPa) at room temperature; 𝑀 = 2.9 is 

the Taylor factor for bcc materials [96]. The hardness of the matrix of the quaternary alloy 

𝐻𝑚𝑎𝑡 is measured as the hardness of the Cr-10Fe binary alloy, about 310 HV in agreement with 

other experiments [20]. The experimental results of ∆𝜏𝑒𝑥𝑝  deduced from the hardness are 

plotted in scattered points in Fig. 13 as a function of the mean precipitate radius in the alloy 

aged at 1000 °C for 4/20/100/240 hours.  
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Fig. 13: The observed and calculated increase in shear stress for different precipitate 

strengthening mechanisms in Cr-5Ni-5Al-10Fe aged at 1000 °C. The red points from left to 

right represent the hardness as a function of the mean precipitate radius in samples aged for 

4/20/100/240 hours. The error bar shows the standard deviation of measured hardness and 

mean precipitate radius.  

 

There are several mechanisms of coherent precipitate strengthening, within which, 

depending on their nature, they can operate simultaneously or compete for dominance [97–99]. 

Since their operation is associated with the precipitate size, it is useful to plot their different 

dominance ranges as a function of the precipitate radius. In this work, only the strengthening 

mechanisms identified as relevant for the quaternary alloy are presented. These are grouped 

according to the following operation radius ranges: (i) ∆𝜏𝑝𝑐𝑑 cutting by strong pair-coupled 

dislocation (PCD) interacting with anti-phase boundaries [100–102] also known as order 

strengthening, (ii) ∆𝜏𝑚+𝑐 strengthening by modulus and coherency hardening [102–104], and 

(iii) ∆𝜏𝑂𝑟 Orowan bypassing [105,106]. The experimental data obtained in this work, including 

the precipitate size and lattice misfit, combined with data in the literature, allow the calculation 

of the value by each mechanism. It is worth noting that most models are suitable for “simple” 

microstructure with dispersive spherical (semi-)coherent precipitates where the quaternary 

alloy fulfils the assumptions. But the analysis in the ternary alloys involves the secondary B2 

phase at grain boundaries (Fig. 1) and a bimodal distribution of precipitate sizes (Fig. 4(b)) so 

it is not analysed here. 

For the first mechanism, order strengthening can occur when a dislocation in the matrix 

shears an ordered-phase precipitate. When the dislocation slips across the precipitate, it will 

create an Anti-Phase Boundary (APB), representing the force per unit length against the 

dislocation. A second dislocation moving on the same plane as the first one can partially 

remove the APB which reduces the energy of the system. Here we consider dislocations with 

a Burgers vector b=a/2<111> slipping on a close-packed plane {110}. The increase in shear 

strength by ordering strengthening can be deduced as [100–102]: 

∆𝜏𝑝𝑐𝑑 = [
0.83

2

𝑤𝑇𝜙0.5

𝑏𝑟
(

𝜋2

4

𝛾𝐴𝐵𝑃𝑟

𝑤𝑇
− 1)

0.5

] × [0.94(1 + 𝐶𝑆𝐿𝜂𝑆𝐿)]  Equation 7  

where 𝑤  is the fitting parameter accounting for the elastic repulsion between the paired 

dislocations outside the particles and is determined by fitting the experimental data (0.22) [107]; 
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𝑇 is the dislocation line tension (𝐺𝑏2/2=3.27 GPa is the dislocation line tension with 𝐺=105 

GPa is the shear modulus of the A2 matrix (~10%Fe) [108]); 𝜙 is the precipitate volume 

fraction; 𝑏  is the Burgers vector ( |𝑎

2
〈111〉| =0.2496 nm, with a=0.28829 nm the lattice 

parameter of Cr); 𝑟  is the precipitate radius (nm); 𝛾𝐴𝐵𝑃  is the anti-phase boundary energy 

(800 mJ/m2 [2]); 𝐶𝑆𝐿 =3 a constant for spherical precipitates; 𝜂𝑆𝐿 = 𝜙0.5/2 for the effective 

mean planar particle-spacing estimations based on [100,101]; and 𝐴 =0.72 for spherical 

precipitates. The weak PCD model is not considered here since it dominates for a precipitate 

radius below 5 nm.  

For the second operation mechanism, the modulus and lattice mismatch contribute to the 

increase in shear strength as a precipitate shearing mechanism. Note that the strengthening by 

order strengthen achieves the maxima when the dislocation arrives at the centre of the 

intersection of the glide plane, while the strengthening by modulus and lattice mismatch 

reaches the peak when the dislocation touches the precipitate. The yield stress is related to the 

global maximum, thus the two mechanisms should be compared to define the increase in 

strength of the alloys. The increase of shear strength by modulus and lattice mismatch (∆𝜏𝑚+𝑐) 

is the sum of ∆𝜏𝐶𝑜ℎ𝑒𝑟𝑒𝑛𝑐𝑦 and ∆𝜏𝑀𝑜𝑑𝑢𝑙𝑢𝑠, calculated respectively using the following formula 

[99,103,111]: 

∆𝜏𝑀𝑜𝑑𝑢𝑙𝑢𝑠 = 0.0055∆𝐺3/2 (
𝜙

𝑇
)

1

2
𝑏 (

𝑟

𝑏
)

3𝑚

2
−1

× [0.94(1 + 2.5𝜂𝑆𝐿
∗∗ )

1

3]  Equation 8 

where ∆𝐺 = 𝐺𝑝𝑝𝑡 − 𝐺  is the shear modulus difference between the precipitate and matrix 

phase with 𝐺𝑝𝑝𝑡 =82.77 GPa [112] and 𝐺 =105 GPa, m=0.85 is a constant; and 𝜂𝑆𝐿
∗∗ =

1.09(𝜙𝐺/∆𝐺)1/2 depends on the volume fraction an phase shear modulus.  

∆𝜏𝐶𝑜ℎ𝑒𝑟𝑒𝑛𝑐𝑦 = 𝛼𝐺 (
2|𝛿|

3
)

3

2
(

𝜙𝑟

𝑏
)

1

2
× [0.94(1 + 2.5𝜂𝑆𝐿

∗ )
1

3]   Equation 9 

where 𝛼=4.1 is a constant [102], 𝐺=105 GPa, 𝛿=0.162% is the measured lattice misfit by 

SXRD, and 𝜂𝑆𝐿
∗ = 0.54(3𝜙𝑏)0.5(2|𝛿|𝑟)−0.5 for undissociated dislocations [104]. 

For the final operative mechanism, the Orowan bypassing can be activated when the 

Orowan stress becomes smaller than the shearing stress. The Orowan’s stress is calculated 

using the following formula [105]: 

∆𝜏𝑂𝑟 = 0.9
[𝑙𝑛(2𝜋𝑟/𝑏)]3/2

[𝑙𝑛(𝐿/𝑏)]1/2 ×
𝐾𝑑𝑖𝑝𝑜𝑙𝑒

𝑏[𝐿−(
𝜋

2
)𝑟]

      Equation 10 

where 𝐿 = 𝑟[2𝜋/(3𝜙)] 0.5 is the interspacing of precipitates. The material related parameters 

are the same value used in Fe-superalloys which also have bcc structure [55]. 𝐾𝑑𝑖𝑝𝑜𝑙𝑒  is a 

constant accounting for the statistical distribution in the glide plane and the elastic dipole 

interaction of the dislocation segments near the particles [113]. For an edge dislocation, 

𝐾𝑒𝑑𝑔𝑒 =
𝐺𝑏2

(2𝜋)
= 1.041  and, for a screw dislocation, 𝐾𝑠𝑐𝑟𝑒𝑤 =

𝐺𝑏2

[2𝜋(1−𝑣)]
= 1.431 . All the 

parameters used are summarised in Table S2.  

Fig. 13 presents the increase of shear strength due to the three mechanisms with dashed 

lines and the predicted active mechanism with the continuous line as a function of precipitate 

radius. It suggests that, at low particle radius (r < 24 nm), the low misfit and high anti-phase 

boundary energy (880 mJ/m2 [93]) promote order strengthening via precipitate shearing by 

strong pair-coupled dislocation. This strengthening mechanism is believed to reduce strain 

accumulation at interfaces and prevent crack initiation [114]. For precipitates (24 < r < 40 nm), 

modulus and coherency strengthening dominate. The modulus and lattice mismatch 
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strengthening is shown to be negligible in γ-γ’ Ni-superalloys [99,111] but should be evaluated 

in Fe-superalloys [55,115]. For precipitates with a radius r > 40 nm, Orowan bypassing 

dominates over cutting. The increase in shear strength by experiment as a function of mean 

precipitate size shows a good agreement with the calculated contribution of three mechanisms. 

However, a large size distribution exists as represented by the horizontal error bars. When the 

ageing time is longer than 20 hours, therefore could be simultaneous active mechanisms. It is 

interesting to note that the Orowan stress reduces slowly with the radius. Combined with the 

low coarsening rate of Cr(Fe)-NiAl, the quaternary alloy is expected to maintain its strength 

for a long operation period. Here, the mechanism analysis based on hardness predicts a 

transition of the main average mechanism, which requires onward validation. This type of 

analysis offers a guide as to the deformation mechanisms at play, and aids the further design 

optimisation of these first prototype alloys (e.g., [115–118]). 

5. Conclusions 

In summary, this work has developed novel Cr-superalloys for high-temperature 

applications, where the A2-Cr(Fe) matrix is reinforced by nano-scale B2-NiAl precipitates. 

The following conclusions are drawn: 

(1) Design of alloys using CALPHAD was paired with experiments. The microstructure of 

the ternary system and the one tailored by quaternary Fe additions were evaluated. The 

NiAl precipitate volume fraction can be increased with Fe alloying, owing to enhanced 

A2-solubility of Ni and Al due to the Fe additions. Experimentally measured phase 

compositions identify that the TCHEA6 database overestimates the solubility limit in 

the Cr-Ni-Al ternary alloys but is effective in predicting the increased solubility trend 

with quaternary Fe alloying. 

(2) In both ternary Cr-Ni-Al and quaternary Cr-Ni-Al-Fe alloys, the creation of coherent 

B2-NiAl precipitates by ageing at 1000/1200 °C, after homogenisation in the A2-Cr(Fe) 

field (1400 °C) was experimentally demonstrated. A cube-to-cube <100>A2//<100>B2 

orientation relationship with low lattice misfit ~ 0.1% between matrix and precipitates 

was identified.  

(3) Cr-superalloys show diffusion-controlled coarsening behaviour with remarkably low 

coarsening rates (~102 nm3/h at 1000 °C), compared to ferritic-superalloys (~108 nm3/h), 

Co- and Ni-superalloys (~105 nm3/h). These remarkable experimental values reflect the 

exceptional stability of the A2-B2 microstructure for high-temperature applications. 

Interface energies in Cr-superalloys are deduced to be ~40 mJ/m2 at 1000 °C and 

~20 mJ/m2 at 1200 °C. The low coarsening rate is principally attributed to the low 

solubility of Ni and Al in the matrix. 

(4) Cr-superalloys with Fe addition exhibit high strength from ~1300 MPa at room 

temperature to ~320 MPa at 1000 °C. While Fe moderately accelerates the coarsening 

kinetics, the quaternary alloys exhibit a high hardness of ~500 HV0.5, due to Fe solid 

solution strengthening as well as resistance to age-softening. Their strength is attributed 

to a combination of solid solution strengthening and precipitate strengthening. Different 

precipitate-strengthening mechanisms, from cutting to bypassing, operate with 

increasing precipitate size. 

The strengthening mechanism analysis also provides new insights into the deformation 

behaviour of Cr-superalloys and possible pathways to control and enhance their mechanical 

properties. Further compositional tuning paired with thermomechanical processing could 

optimise the microstructure and grain structure for improved ductility. Future experiments will 

also investigate the creep/corrosion resistance and thermal conductivity of Cr-Ni-Al-Fe alloys, 
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with the aim to open up the novel material class of Cr-superalloys for high-temperature 

applications, such as advanced solar thermal and nuclear energy. 
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