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Summary

Isotactic polypropylene (iPP) is a low cost semi-crystalline polymer that is easy pro-
cessable, has a wide variety in properties and, therefore, is used for many applications.
Typically, parts are produced in processes like injection molding and extrusion. Inde-
pendent of the technique used, the conditions applied during processing, i.e. temperature,
cooling rate, pressure and flow impose a large footprint on the morphology created during
solidification. These structural features, at the micro-, nano- or A-scale level, are of
utmost importance for the mechanical performance, e.g. yield and failure kinetics. Voids,
forming under specific loading conditions are affecting the mechanical response. At the
nanometer length scale lamellar thickness is of importance and the A-scale is dictated by
the crystal unit cell structures.

The goal of this project is to contribute to a methodology that enables direct evaluation of
the mechanical performance of polymer products for isotactic polypropylene on the basis
of morphological information obtained from process simulations. The complexity of this
problem for the case of isotactic polypropylene results from the rich polymorphism and
morphologies that the material displays. Depending on the conditions experienced during
processing, these morphologies and the resulting mechanical properties can vary strongly
in a product.

To demonstrate the idea of this approach, a simplified, but feasible, case is presented
first. Only one crystal phase (monoclinic «) is considered and the influence of varying
non-isothermal, non-homogeneous processing conditions is investigated. The resulting,
heterogeneous morphology is predicted with a crystallization model previously developed
within the Polymer Technology group. Structural features, such as the local distribution
of lamellar thickness, are used to predict yield kinetics. Comparison with experimentally
obtained results shows good agreement and, therefore, demonstrate the validity of this
approach.

Due to the complexity of the problem the work focuses on a systematic investigation of
well-defined sub-problems. A proper selection of the processing conditions facilitates
the investigation of samples consisting of single polymorphs, and revealed the yield
and failure kinetics. The mechanical response of the separate morphologies was
successfully modeled, and the predicted time-to-failure as a function of loading conditions

iX



X Summary

is experimentally validated for a-, S- and -iPP. Although the unit cell structures are
very different, some remarkable similarities were found. The kinetics observed at
temperatures above the «, relaxation temperature are similar for all polymorphs. Above
this temperature the constrained amorphous domains could be rejuvenated with thermal
treatments.

Next, the structural evolution taking place during mechanical loading was extensively
investigated, mainly by combining time-resolved in-situ X-ray experiments (conducted
at the European Synchrotron and Radiation Facility (ESRF) in Grenoble) with uniaxial
tensile and compression experiments. Structural changes occurring in a-, 8- and y-iPP
were revealed. The evolution in terms of phase transitions, crystallinity and lamellar
thickness, and finally void formation, is linked to the intrinsic material response obtained
from compression experiments. At all stretching temperatures the crystallinity decreases
upon deformation and, depending on the temperature, different new structures are formed.
Stretching at low temperatures leads to crystal destruction and the formation of oriented
mesophase, independent of the initial polymorph. At high temperatures, above 7', all
polymorphs transform into oriented o-iPP. Small quantities of the initial structures remain
present in the material. The compression experiments, where localization phenomena are
excluded, show that these transformations take place at similar strains for all polymorphs.
The onset of void formation is observed prior to yielding and is the most intense for 5-iPP.

The acquired knowledge of the morphology dependent intrinsic material behavior, the
yield and failure kinetics and the structural evolution upon deformation are used to
investigate a well known procedure to certify polymer products. Time dependent
behaviour, typical for these materials, nourishes the need for certification data of
particular products, subjected to loads. A currently used method to fullfill this need for life
time predictions of plastic pipes, ISO 9080, is based on time temperature superpostion, but
lacks some important characteristics. The shortcomings of this method show that proper
descriptions and estimations of time to failure require an extension of the procedure.
Two separate types of structural evolution during service life time are revealed, and the
insidious effects on the procedure are discussed. Furthermore it is demonstrated that
the brittle failure mechanism is interpreted in the wrong way since it shows plastic like
phenomena. This offers new insights in the structure property relations displayed in iPP,
and the route towards enhanced properties via structure tuning.



Introduction

1.1 Motivation

Failure of polymers under loading conditions, either static or dynamic, is a major concern
in load-bearing objects. Irrespective of the applied conditions, failure will eventually
always occur [1]. Therefore, being able to estimate the timespan at which this will take
place is essential. Generally, failure is subdivided over three different regimes, see Figure
(1.1) [2]: In regime I, plasticity controlled ductile failure takes place, resulting from the
accumulation of a critical amount of plastic strain. To obtain estimations of lifespans in
this regime, predictions are based on measurements using time-temperature superposition;
i.e. temperature is used to speed up the failure kinetics. In regime II, fatigue crack
growth controlled brittle failure is considered, where the initiation and growth of cracks
dominates failure. This mode is typically found at larger time scales. When, in this
regime, temperature induced acceleration is no longer sufficient, time-to-failure can be
reduced with cyclic loading conditions, often encountered in real applications as well.
Finally, in regime III, chemical degradation prevails. This failure mechanism is typically
found at even longer timescales and can be postponed by the addition of stabilizers. This
is no part of this project.

I: plasticity
controlled failure

II: crack growth
controlled failure

appl)

log(o

11I: chemical
degradation

log(ttf)

Figure 1.1: Schematic representation of the distinct failure mechanisms, typically present in iPP.



2 Introduction

As pointed out before, the estimation of the lifespan is essential and, therefore, has
been subject of considerable studies. These investigations, aiming at the development
of predictive methods, have not only led to procedures that require shorter time spans for
experimental completion, but also to the identification of characteristics, unique for the
different failure mechanisms and, therefore, allowing to distinguish between them [3,4].
Moreover, these methods offer a valuable tool for quick material characterization in the
search for enhanced long term properties.

1.2 Processing-Structure-Properties Relations

The issue of predicting lifetime is particularly complex in the case of semi-crystalline
polymers like iPP. These materials are composed of crystalline and amorphous parts,
present in an alternating sequence. The crystalline domains can be ordered in a
highly anisotropic manner. This, as well as their size, is strongly dependent on
molecular weight distribution, tacticity, comonomer content and, often more important,
the conditions experienced during processing. Since the latter one can typically cause
strong spatial variations throughout a product, the structural features exhibit very different
characteristics [5, 6].

In the particular case of iPP an additional structural feature comes into play, making the
situation even more complicated. iPP exhibits several polymorphs, i.e. crystal forms
of which the formation is enhanced, in a higher or lower extent, by different processing
conditions [7-9]. For example, under moderate cooling conditions, high tacticity iPP
crystallizes in the a form, a monoclinic unit cell structure comprised of iPP chains in
the ternary helical conformation, see Figure (1.2a). Fast cooling results in the formation
of so called mesophase, a disordered crystalline form that shows long range order in the
direction of the chain axis only. The addition of J specific nucleating agent, and/or flow,
promotes the development of pseudo-hexagonal (-phase, see Figure (1.2b). Finally, v-
crystals can be formed when high pressure is applied during the crystallization process.
This crystal modification is comprised of orthorhombic unit cell structures, and is rather
special since the ternary helices are included in a crossed manner, see Figure (1.2¢). The
formation of the orthorhombic crystal structure is enhanced if low tacticty iPP or random
comonomer is used [10-13].

In an industrial production process like injection molding these structures generally
coexist. High cooling rates (at the wall of the mold), flow as a result of injecting
the material (filling phase) and the application of large pressures (packing phase), to
compensate for shrinkage in the cooling phase, are indispensable ingredients in this
process. Due to the complicated mixture of structures resulting from processing, the
improvement of properties is a complicated task, with many tuning parameters. This
makes it a time-consuming and costly process of trial and error. However, a methodology
that enables for direct evaluation of mechanical performance of processed objects, on
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Figure 1.2: The crystallographic structures of the iPP-polymorphs. a) monoclinic a-iPP, b)
pseudo-hexagonal 3-iPP and c) orthorhombic ~y-iPP.

the basis of the morphology obtained from process simulations, would be a major
step forward. To succeed in the development of such a methodology, the problem
is divided in two main parts. First, the step from processing to structure has to be
bridged by a crystallization model capable of predicting the formation kinetics of the
individual phases, their dependence on cooling rate, pressure and flow induced molecular
stretch and orientation. The research on this topic recently lead to a successful model
framework, capable of predicting all the morphological characteristics [14, 15]. Second,
the mechanical performance of the individual phases, as well as their dependence on these
morphological parameters, has to be characterized and modeled. With respect to this latter
part, some important parts of knowledge still have to be gained. This is the main topic of
this thesis.

1.3 Evolution of structure and properties

The issue of lifetime predictions and the estimation of mechanical properties becomes
even more complicated because of structural evolution. With respect to this evolution two
cases can be distinguished: i) the evolution of structure as a function of deformation, and
i1) temperature induced evolution as a function of time. Deformation is accompanied
by deterioration of the structural integrity and, therewith, the features dominating
the mechanical response. In the specific case of iPP, deterioration and subsequently
the formation of new structures, is displayed by all polymorphs. Self-evidently,
understanding of the processes involved, is required to understand the relation to the
macroscopic mechanical response.
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The evolution of structure and properties over time is unavoidable in long term applica-
tions of iPP. It is well known that at room temperature, as well as at elevated temperature,
the yield stress increases over time [16, 17]. The evolution below and above the a.-
relaxation temperature originates from different mechanisms and, consequently, displays
different kinetics. Both evolutions affect the intrinsic mechanical response of iPP, and are
dictated by a change in micro-structure, which is typically out of equilibrium. As a result,
the properties depend on the thermodynamic state. This can, particularly in the case of
time temperature superposition, corrupt the life time predictions severely.

1.4 Scope and outline of this thesis

This thesis aims to identify the morphological features that determine the mechanical
properties of iPP products, with a special focus on polymorphism. The work is
intended to contribute to the ultimate goal, i.e. gaining complete understanding of
processing-structure-property relations in iPP. The development of predictive models for
iPP performance, allowing for the evaluation of long term properties of objects on the
basis of processing conditions, requires not only a sophisticated crystallization model, but
also the identification of the key structural features determining the mechanical properties.
Furthermore, the evolution of properties as a function of deformation and temperature
over time, is of vital importance to correctly predict the performance of iPP, and needs to
be quantified.

In Chapter 2 it is demonstrated, for a simplified but feasible case, that a direct evaluation
and prediction of mechanical properties on the basis of processing conditions can be done.
The processing conditions are chosen such, that only the monoclinic a-phase is formed.
For this specific situation, a successful pathway to predict the relevant spatially variable
morphological features resulting from compression molding of iPP sheets, is shown. The
structural information obtained from the model turned out to be sufficient to calculate the
corresponding average yield stress over the sheet thickness.

With knowledge about the crystallization kinetics, and through proper selection of
processing conditions and additives, isotropic samples consisting of solely «a-, 5- and
~v-iPP, were prepared in Chapter 3. Mechanical analysis performed on these samples
revealed the intrinsic material behavior, as well as the yield and failure kinetics of
the different iPP polymorphs. Similarities and differences observed in DMTA and
compression experiments are discussed extensively, and the effect of thermal rejuvenation
of the constrained amorphous phase is established.

A more detailed investigation into the relation between polymorphism and intrinsic
material behavior is performed in Chapter 4, where the intrinsic material behavior
is linked to structural evolution upon deformation. Transitions taking place at large
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deformations were monitored with in situ tensile deformation. Due to the negative
hydrostatic stresses present in this loading geometry, the process of voiding could
be monitored using advanced in-situ X-ray scattering methods. Additionally, in situ
compression experiments allowed for a direct coupling of transitions taking place at true
strains lower then 80%, and true intrinsic material behavior.

In Chapter 5, structural evolution taking place during generation of certification data
is investigated. It is demonstrated that different types of structural evolution can take
place, causing significantly changing mechanical properties. As a consequence, life time
predictions based on extrapolation can be corrupted. The difficulties and concerns coming
along with this evolution, and the effect on life-time predictions, are discussed in detail.

Finally, at the end of the thesis in Chapter 6, the most important general conclusions and
recommendations for future research are summarized.






The prediction of mechanical
performance of isotactic polypropylene on
the basis of processing conditions

Chapter 2

Abstract

A strategy is presented to predict the yield kinetics following from different
thermomechanical histories experienced during processing in non-isothermal
quiescent conditions. This strategy deals with three main parts, i.e. processing,
structure and properties. In the first part the applied cooling conditions are
combined with the crystallization kinetics and the cooling history of the material
is calculated. From this history the lamellar thickness distributions are predicted in
the second part. Finally, in the third part these distributions are used to predict yield
stresses. Experimental validation is carried out for all the different parts of the
strategy. In situ temperature measurements, lamellar thickness distributions from
SAXS experiments and yield stresses measured in uni-axial tensile deformation are
performed for validation purposes. The versatility is investigated by applying this
procedure on two different iPP grades. The yield stress predictions show good
agreement with the experimentally obtained results in two separate deformation
mechanisms, and only a few parameters are dependent on the specific iPP grades
that were used here. Moreover, it is shown that the average lamellar thickness
is sufficient to predict the yield stress, and that the width of lamellar thickness
distributions does not have to be taken into account.

Reproduced from: H.J.M. Caelers, L.E. Govaert, G.W.M. Peters. The prediction of mechanical
performance of isotactic polypropylene on the basis of processing conditions. Polymer, 83, 116-128 (2016)
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8 The prediction of mechanical performance of iPP on the basis of processing conditions

2.1 Introduction

Polymers are used in a wide spectrum of applications ranging from packaging to structural
engineering. Polyolefins, specifically polyethylene and polypropylene, form a substantial
part of the synthetic polymers used because of their low costs, ease of manufacturing
and versatility To illustrate, these materials are used in extrusion processes (pipes), film
blowing processes (packaging) and injection molding processes (structural applications).
Within this specific class of materials multiple variants of polypropylene exist, e.g.
isotactic-, syndiotactic-, atactic polypropylene and many copolymers. Their properties
are related to the chemical structure, in particular the presence of regularity [18], since
it allows polypropylene (iPP and sPP) to partially crystallize upon cooling. Due to the
ability to crystallize the solidification takes place at higher temperatures as compared to
aPP, largely affecting the mechanical properties. Other important aspects dominating the
morphology and thereby the mechanical properties, are the processing conditions. Flow
and cooling conditions are known to largely affect the morphology and therewith the yield
kinetics and overall mechanical response [19,20]. Since changes of these processing
conditions throughout a product may therefore result in strong spatial variations of
mechanical performance [21], an undesired consequence is that weak spots are typically
present. In this work a first attempt is made to relate the mechanical properties to the
morphology resulting from well-defined processing conditions.

The solid crystalline parts, present in iPP, are connected by chains surpassing the
amorphous regions [22,23]. Some general findings on the relation between the crystals
and the mechanical properties follow from several studies performed in the past. First,
the Young’s modulus increases with the degree of crystallinity, whereas the impact
performance and the toughness decrease [24,25]. Furthermore, the yield stress appears
to be strongly correlated to lamellar thickness [26-31]. This relation was rationally based
on the nucleation and propagation of screw dislocations [29] in the crystalline lamellae
and thus on the lamellar thickness.

Besides the variations in the thickness of the crystalline domains (lamellae), multiple
crystallographic structures can be present. In iPP, monoclinic «, pseudo-hexagonal [,
orthorhombic v and mesomorphic unit cell structures [8, 32] can be formed with altern-
ating amorphous and rigid amorphous regions in between [33], affecting the mechanical
properties as well. The presence of these regions together with the polymorphism makes
it complicated to reveal the relationship between mechanical properties observed on a
macroscopic scale to morphologies present at a microscopic or even smaller nanometer
scale [34].

The crystallization process is kinetically controlled and therefore local thermo-mechanical
conditions experienced by the polymer during processing can have pronounced effects
on the lamellar morphology that forms, as well as on the polymorphism within the
crystals [21,35-37]. Structure development under processing conditions has been subject
of substantial research carried out in the past [38—40]. When we focus on conditions
imposed during a compression molding process, i.e. moderate non-isothermal quiescent
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conditions, it is found that in the case of neat iPP typically a-crystals develop [41].
Depending on the applied cooling rate, the crystallinity as well as the number and size of
spherulites varies. Furthermore, this unavoidably results in variations of the lateral size of
the crystal sheet-like domains, but more important for the yield kinetics, differences in the
thickness will appear. The lamellar thickness is determined by the undercooling during
the crystallization process [42] and, therefore, directly related to the cooling rate. Van Erp
et al. [20] specified this effect of cooling rate to investigate the structure property relation
for iPP. On the other hand, several studies have been devoted to the development of
model frameworks capable of quantitatively predicting the processing dependent crystal
structures as a result of processing [41,43-46].

The main aim of this work was to make a coupling between the processing-structure
and structure-property relation in a predictive way. The strategy chosen to accomplish
this goal is schematically shown in Figure (2.1) and is divided into three main blocks.
Different processing histories are obtained in terms of variable cooling rates. In the first
block the processing dependent crystallization kinetics are predicted as a function of time
and temperature. The time-temperature history follows from the heat equation, which
is used in combination with the crystallization model proposed by van Drongelen et al.
[41] to account for latent heat release. Temperature and pressure dependent growth rate
and nucleation density are the most important parameters governing the crystallization
process, whereas the boundary conditions together with the thermal contact resistance
determine the temperature evolution. In the second block the obtained evolution of crystal
volume as a function of temperature is used in combination with the Lauritzen-Hoffman
equation [42] to determine the lamellar thickness distributions resulting from the different
cooling rates. Also the dependency of the molecular features of the iPP chain on the
crystallization temperature and lamellar thickness is determined. Finally, in block three,
the lamellar thickness is used to get the yield kinetics by making use of an empirical
relation reported by van Erp et al. [20].

In the present study we will first give more detailed background information on 1) the
crystallization model and the simplifications that are used, 2) the coupling to a structural
feature, in this case lamellar thickness and 3) the relation between the lamellar thickness
and the yield kinetics. Subsequently these three distinct parts are coupled and used
to predict yield stresses resulting from well defined thermo-mechanical histories. The
validity of this approach is experimentally shown for two iPP grades.
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Figure 2.1: Strategy to predict the yield stress directly from processing conditions

2.2 Experimental

2.2.1 Materials

Two isotactic polypropylene homopolymer grades were used: iPP-1 (Borealis HD234CF)
with a weight averaged molar weight Mw=310 kg/mol and a polydispersity Mw/Mn=3.4,
and iPP-2 (Borealis HD601CF) with Mw=365 kg/mol and Mw/Mn=5.4. These two
materials were chosen because they were used in several other crystallization studies in
our group [6,41].

2.2.2 Sample preparation

To obtain samples with different thermal histories, sheet material with a thickness of 1 mm
was compression molded from both the iPP-1 an iPP-2 grade. A mold, sample surface
area of 100 cm?, was sandwiched in between stainless steel sheets (0.5mm) and placed in
a hot press, see Figure (2.2). The stack was subsequently heated to 230°C and a force of
100 kN was applied stepwise. The sheets were kept under these conditions for 3 minutes
to erase previous thermo-mechanical history. The solidification was induced by putting
the stack in a cold press for 3 minutes, at temperatures varying from 20°C to 90°C (steps of
10 °C). To monitor the temperature during solidification, a small calibrated thermocouple
was embedded in the polymer. A fast acquisition data logger (National Instruments Hi-
speed USB 9162, sampling frequency 10 Hz) was used to record the temperature in-situ.
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Figure 2.2: Schematic representation of the compression moulding process

2.2.3 X-ray

Small angle X-ray scattering (SAXS) and wide angle X-ray diffraction (WAXD) ex-
periments were performed at the Dutch-Belgian (DUBBLE) beamline BM26 [47] of
the European Synchrotron and Radiation Facility (Grenoble, France). Quasi-isothermal
crystallization experiments were performed with a custom modified JHT-350 Linkam
stage equipped with a pneumatically actuated temperature jump-stage [48]. The cold
stage was set at temperatures of 100, 110 and 120°C respectively. To monitor the
temperature and quasi-isothermal crystallization in time, a small thermocouple was
embedded in the polymer. In-situ WAXD ans SAXS patterns were recorded with
acquisition rates of 20 frames per second. A wavelength of A\ = 1.04A was used. The 2D
SAXS patterns were recorded with a Pilatus 1M detector and the WAXD patterns with a
Pilatus 300K detector, both with pixel size of 172 x 172 pym?, placed at approximately
1.42 and 0.30 meter respectively.

Single shots were obtained ex-situ from the compression molded samples with the
different cooling histories, with an acquisition time of 10 seconds. All the acquired images
were corrected for beam intensity and scattering of the empty sample cell.

WAXD

The obtained intensity profiles were plotted versus the scattering angle 26. The weight
fraction of the crystallinity ., was determined with eq. (2.1):

. Ctat B C(a

w 2.1
X C (2.1)

where C}; is the total scattered intensity and C|, is the scattered intensity of an amorphous
halo. The amorphous halo is measured on a quenched low tacticity polypropylene sample
with negligible crystallinity, and scaled with the minimum between the (110),, and (040),,
diffraction peaks [49]. The volume fraction of the crystallinity is given by [26]:
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Xw

Y = pe 2.2)

Xw  1=Xw
Pc + Pa

where p, and p, are the density of the amorphous and crystalline phase respectively, taken

from [50].

SAXS

The scattered intensity was obtained as a function of the scattering vector ¢ which is given
by:

q = —sin(0) (2.3)

where 0 is half of the scattering angle. In case of an isotropic system with a randomly
oriented lamellar morphology the measured scattering intensity can be transposed into the
1D scattering intensity using Lorentz correction:

Ii(q) = I(q)¢* (2.4)

Once this correction is performed and the electron density differences in one direction are
known, the average lamellar thickness /. can be obtained from:

2
=" (2.5)

Qh ,max

where qr, maqz 1 the value for the magnitude of the scattering vector g, corresponding to
the maximum of the Lorentz corrected scattering intensity, and x is the crystalline volume
fraction. This method provides an average lamellar thickness. Information about lamellar
thickness distributions was obtained using the interface distribution function (IDF) which
is the second derivative of the 1D-correlation function 7 (r) (eq. (2.7)) [51,52], and is
defined as:

qoo

gi1(r) = =—= / Ii(q)q*cos(qr) dg (2.6)

q0
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with

Y(r) = % / I1(g)cos(qr) dg (2.7
q0

where () is the invariant and r is the real space. The interface distribution function g; ()
can also be obtained by taking the inverse Fourier transform of the interference function

Gi(q) [53]

qoo
0 (r) = / Gr(q)cos(qr) dg 2.8)
q0
in which
Gi(q) = lim L(g)¢* — Li(q)¢>. (2.9)

Since the Fourier transform requires integration from ¢=0 to infinite, the experimentally
accessible g range has to be extrapolated. The triangle rule is used to extrapolate to zero
g, whereas the Porod law is used to extrapolate to infinite ¢. In an ideal two-phase system
with sharp boundaries the Porod law predicts a decay in scattered intensity proportional
to ¢g~* at large angles. In reality the intensity often deviates from such an ideal system
because of electron density fluctuations and finite interfaces between the crystalline and
the amorphous layers. When taking these deviations into account, the adapted Porod law
is given by [54]:

lim Tos(a) = Io(q) + %exp(—a2q2) (2.10)
where o is related to the interface thickness, /<, is the Porod constant and [, the scattering
resulting from electron density fluctuations. The determination of the parameters required
to correct for non-ideality is a sensitive process which can be rather difficult in case of
a noisy signal. For this reason an approach proposed by Hsiao et al. [55] is used, where
constraints are used to find the parameters required for the intensity corrections. This fit
is based on two properties that have to be fulfilled by the interference function. First, the
difference between the asymptote at large values of ¢, following from the Porod law, and
the ideal scattered intensity should become zero. Moreover, as a second constraint, the
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interface distribution function should start from the origin and as a result the total area
of G1(q) versus ¢ should be zero. Minimization of eq. (2.11), which is only valid in
the Porod region, and eq. (2.12) gives the values for the Porod constant, the interface
thickness and the liquid-like scattering.

lim Gi(q) = lim [K), — [Lons(q) Iy(q))q*exp(c®q*)] = 0 (2.11)
doo Joo

/ Gi(q)dg = / (K — (Lps(q) — In(q))q*exp(c®q®)] dg = 0 (2.12)
q0 q0

The background intensity following from the electron density fluctuation or liquid like
scattering is expressed by

I(q) = a + bg* + cq* + dg° (2.13)

The most reliable average value and the distribution of the lamellar thickness, the long
spacing and the amorphous regions can be obtained by deconvolution of the interface
distance distribution function g (). Long spacings obtained by Bragg’s law are typically
considerably larger then the true values, especially when distributions are broad [56].
This will irrefutable result in erroneous lamellar thicknesses found with the method of
combining WAXD and SAXS measurements eq. (2.5).

2.2.4 Mechanical testing

A punch was used to cut typical dog-bone shaped tensile test samples (according to ASTM
D1708) from the different compression molded polymer sheets. A Zwick Z010 universal
tensile tester equipped with a 2.5 kN load cell and a thermostatically controlled oven was
used to perform the tensile tests at strain rates of 1073s~1. The tests were performed
at 23°C and 80°C. In advance of the measurements at elevated temperatures, the tensile
specimen was kept at the test temperature for 5 minutes (which is sufficient to achieve
thermal equilibrium) before a pre-load of 0.2 MPa was applied. All tests were carried out
at least in duplicate. Tensile tests were performed immediately after sample preparation
(within minutes) to avoid effects of aging at room temperature [16,57,58].
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2.3 Background

2.3.1 Thermal analysis

Cooling rate affects the crystallization process of iPP, but conversely, the cooling rate
is influenced by the crystallization process because latent heat releases. This mutual
influence of the cooling and crystallization process is elaborated in terms of a 1D
conduction problem. In all the experimental test cases performed in this work the polymer
layer is positioned in between layers of stainless steel. These are included in the model in
order to get the boundary conditions right.

The heat balance

To predict the temperature profile in the polymer, the 1D heat equation for conduction is
used:

or o or

In this equation the specific heat C, [J/kgK], the density p [kg/m®] and the thermal
conductivity A [W/mK] are all functions of temperature and crystallinity. The effect
of pressure on the density is not taken into account. The last term of eq. (2.14) is the
source term, representing the latent heat release due to crystallization [59]. The time
derivative of the space filling, ¢, follows directly from the crystallization model described
in section 2.3.2 and AH [J/kg] is the total enthalpy of transformation. To capture the
phase dependent thermal properties a simple mixing rule, eq. (2.15), is used which is
similar for heat capacity, density and thermal conductivity.

Cp(&,T) = £Gy, (T) + (1 = §) G, (T) (2.15)

The heat capacity and the thermal conductivity are linearly proportional to the temperat-
ure, whereas the density is proportional to the reciprocal temperature [S0]. Subscripts a
and sc refer to the amorphous and semi-crystalline phase, respectively. Heat transfer in
the aluminum and steel layers of the experimental setup is again described with the 1D
heat equation. However, in that case the thermal properties are assumed to be constant
and the source term disappears. Therefore eq. (2.14) reduces to:

or 0*T
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The parameters that were used in the heat equation are given in Table (2.1).

Table 2.1: List of constants

| plkg/m?®] Cp [J/kgK] A[W/mK]

Stainless steel 7930 502 17

Thermal contact resistance

The experimental setup consists of a stack of polymer-, and stainless steel layers. As a
result of surface roughness or interstitial materials, a pressure dependent thermal contact
resistance is present between the layers. Moreover, the state of the polymer, melt or solid,
influences the thermal contact behavior.

This contact behavior is included in the model using eq. (2.17). No data is available on
pressure and state dependency, so the thermal contact resistance is assumed to be constant.
It follows that the heat flux through the interface is given by:

Tsur 1~ Tsur 2
Pini(t) =~

(2.17)

where p;,:(t) [W/m?] is the heat flux from surface Ty, s1 [K] to surface Ty, o [K], and
TC R [m*K/W] the thermal contact resistance. The ingoing heat flux (conduction) equals
the flux through the interface, and the outgoing heat flux:

©in(t) = Qint(t) = Qour(t) (2.18)

This results in:

dT’ dT’
/\A% |left: sznt(t) = AB@ |7"z'ght (219)

were A4 and A\p are the thermal conductivities that belong to material A and B
respectively. This is approximated by using the temperature gradient over the neighboring
grid points:

Y AT | o Tsurfl - Tsuer -\ AT
YA T TOR T T P A

|r7jght (220)
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After discretization using a finite difference method, the heat equation is solved using an
implicit Euler scheme. The thermal contact resistance is determined by using the initial
slope of the cooling curve for the fastest cooling rate. The parameter values used in the
model for the thermal contact resistance are given in Table (2.2). For both iPP grades the
same temperature dependent relations for density, specific heat and thermal conductivity
are used [50] which explains why the fitted thermal contact resistance between the
polymer and the stainless steel is different.

Table 2.2: List of parameter values

TCR in [m?K /W] | Press iPP-1  Press iPP-2
Stainless steel - stainless steel | 3 -107* 3-1074
Stainless steel - polymer 4.1-1074 6-10"*

2.3.2 Crystallization kinetics

Crystallization of iPP is influenced by the chain architecture. Isotacticity and comonomer
content are key parameters with significant effects on crystallinity, polymorphism
[12] and crystallization temperature [60]. Molecular weight affects the crystallization
temperature [61]. Besides these chain architectural features the thermo mechanical
history experienced during processing is of significant importance. In the absence of
flow and shear, the arising morphology and the crystallographic structures present therein
are determined by the cooling rate [62] and pressure [35]. In this work we focus on
the relationship between processing and structure, which has been subject to substantial
research, and is captured in multiple crystallization models, many of them lacking
structural details. A validated model to describe the temperature and pressure dependent
crystallization behavior of iPP in detail, i.e. local nucleation density, spherulite size etc.,
was proposed by van Drongelen et al. [41]. This model framework is capable of predicting
multiphase structure development in quiescent non-isothermal isobaric conditions. In this
work a simplified version of this model is used which only allows monoclinic alpha phase
formation. From WAXD measurements it is shown later that the model is applicable for
the thermo-mechanical histories assessed in this study.

The crystallization model

Crystallization is dominated by nucleation and growth. In quiescent conditions the nuclei
grow radially until they finally impinge and reach complete space-filling This can be
described with the Kolmogoroff equation [63], which gives the space-filling as a result of
nucleation and growth in an unconfined 3-dimensional space according to:
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t
60 =2 — 1~ ap-a() @21
where () is the crystallized volume fraction at time ¢ and X, is the crystallinity when
equilibrium is reached. The expected crystallized volume fraction if no impingement
would occur ¢y(t) is given by [63]:

t t

bolt) = 4?” / dt’oz(t’)[ / duG(u)

—00 — 00

3
(2.22)

In this equation «(t) = a(T'(t),p(t)) and G(u) = G(T'(u),p(u)) are the (spherulitical)
nucleation and growth rate respectively, both functions of temperature and pressure. In
the special case of isothermal isobaric crystallization where growth rate and nucleation
density (i.e. heterogeneous nucleation) are constants, the space filling in time £(¢) reduces
to

awzl—wm(i%NG%ﬁ (2.23)

which is known as the classical Avrami equation [64, 65]. However, in this work
non-isothermal crystallization is considered. Therefore, we start from the Kolmogoroff
equation (2.22). To solve non-isothermal crystallization problems it is much easier to
work with the Schneider rate equations which are basically a transform of this integral
into a more suitable configuration. Now, ¢ (t) follows from the rate equations [66]:

b3 = 8TN (¢3 = 87N)

?2 = Gos (P2 = 8T Ry0t) (2.24)
¢51 = G¢2 (¢1 = Stot)

$o = Gy (0 = Viot)

where N is the number of nuclei (heterogeneous nucleation density), NN is the nucleation
rate, G is the spheruletic growth rate, R;,; is the sum of the spherulite radii, Sy, is the total
surface of the spherulites and their total volume is given by V,,;. These structural features
can be obtained since the nucleation and growth calculated via these equations, depend
on the thermal history. The solution of these equations in isothermal conditions, and with
a constant nucleation and growth rate, again results in eq. (2.23). In this work the number
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of nuclei and the growth rate are temperature and pressure dependent and described by
the expressions (2.25) and (2.26) respectively,

N(T.p) = Nyeseap(—a(T(t) ~ Tnres (p))) (2.25)

G(T7 p) = Gma:c(p)exp(_cg(T(t) - TGref(p))2) (2.26)

where N, is the reference number of nuclei at the reference temperature Tnyef. Gaq 18
the maximum growth rate at the reference temperature 7y, p is the pressure and c,, and
cq are constants. The effect of pressure on the nucleation density is incorporated by a shift
in the reference temperature, and for the growth rate a shift of the reference temperature
and a change in the maximum growth rate parameter G, is included, according to the
following equations,

Tirer = Toyes +C(p—po) - 107° 2.27)

Gmam = ngaxemp(a(p - pO) + b(p - p0)2) (228)

Where Ty, and G}, are the reference temperature and growth rate at atmospheric
pressure pg in bar, and a ,b and ( are constants. The index k represents the growth (G) and

nucleation (V).

In Figure (2.3) it is schematically shown how the effect of pressure shifts the nucleation
density and the growthrate respectively.

Finally, when the nucleation density and the growth rate are adapted for the applied
pressure and non-isothermal conditions, the space filling in time & follows from:

§=(1=8d (229)

An explicit Euler scheme is used to solve the crystallization model. The parameters
required to describe the crystallization process are adopted from the work of van
Drongelen et al. [41]. An overview is given in Table (2.3)
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Figure 2.3: a) Shift in the nucleation density as a result of pressure ,b) Shift of the growth rate
as a result of pressure. Adopted from [41]

Table 2.3: Model parameters.

Parameter iPP-1 iPP-2 Unit
Nyes 2.7-10%  1.2-10%  [m7I
TNref 383 383 [K]

Cn 0.181 0.219 [K—1
GY e 45-107%  4.81-107% [ms™!]
Te,es 363 363 (K]

Cq 2.3-107%  23-107% [K~?]

a 1.60-107% 1.60-107% [Pa~!]

b 0 0 [Pa~?]

¢ 0.0275 0.0275  [bar—]

2.3.3 Deformation Kinetics
Yield Kinetics

To predict yield stresses resulting from well defined processing conditions we first look
at the phenomena related to deformation kinetics. The behavior typically displayed by
isotactic polypropylene is shown in Figure (2.4a). At low strains the stress increases
linearly. With further increasing strain, the stress and the molecular mobility within the
polymer increase as well. Ultimately, in the yield point, the molecular mobility is so high
that the material deforms plastically at a rate equal to the applied strain rate. The stress
associated with this point is defined as the maximum in the stress-strain response and
called the yield stress. With increasing strain-rates higher molecular mobility is required
for yielding. This is achieved by a higher stress level, explaining the rate dependency
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of the yield stress typically observed for polymers. Another way to induce mobility is
raising the temperature. In the mechanical response this leads to decreasing yield stresses.

After yielding strain softening takes place, leading to strain localization and subsequently
necking.

The yield kinetics, i.e. the yield stresses over a broad range of temperatures and strain
rates are shown in Figure (2.4b). From this figure it can directly be observed that the
rate dependency at 23°C is stronger than at 110°C. At an intermediate temperature, for
example at 80°C, we can distinguish the two slopes for different ranges of deformation
rate, see Figure (2.5a). These different slopes originate from the fact that two separate
deformation mechanisms are present, schematically represented in Figure (2.5b). At
high temperatures or low strain rates, only the process of crystal slip or intra-lamellar
deformation determines the yield stress [67]. At lower temperatures, crystal slip or inter-
lamellar deformation starts to actively contribute to the observed yield stresses [68].

50 50

iPP-2: ~0.1°C/s g 23°C iPP-1
o T Foeins
— =]
g 2aec Z 0 110°C
=30 w30t
P 0
) o
$20 % ZOW
= e
= e
]
10 110°C = 10 W
0 0 = = = = =
0 0.1 0.2 10° 10% 10° 10% 10"
strain [-] strain rate [s ]
(a) (b)

Figure 2.4: a) The stress-strain responce of iPP as a function of strain rate and temperature, and
b) The yield kinetics of iPP

Since the deformation processes act in parallel (stress additive), the observed kinetics can
be described by taking the sum of the two separate processes. In this work this is done
with the modified Ree-Eyring equation:

kT €
o - kT 2.30
Ttotal Z o v (éoviexp(—AUi/RT)) =0

i=I11 i=1,01 ¢

In this equation k is the Boltzmann constant, 7" is the temperature in [ K], € is the applied
strain rate, V;* is the activation volume of deformation mechanism i, AU, is the activation
energy of mechanism ¢ and €y ; is the rate constant. The temperature and strain rate are
specified in the experimental section.
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Figure 2.5: a): Yield data measured on iPP-1 at a temperature of 80°C. Two slopes
corresponding to separate deformation mechanisms are indicated with I and II. b)
Schematic representation of the intra- and interlamellar deformation mechanism

The effect of processing

When we restrict ourselves to the influence of the cooling history a decrease in
crystallinity and lamellar thickness is found upon increasing cooling rates. The effect of
these structural features on the mechanical properties and in particular the yield stress was
investigated in [20], and it was found that the resistance against yield becomes stronger
with lower cooling rates. Furthermore it was found (by van Erp et al. [20]) that the
activation volume and energy in the Ree-Eyring equation are independent of cooling
rate, a-nucleating agent or copolymer content. Moreover, the yield kinetics of multiple
iPP grades including the ones used in this study, could be described perfectly with the
same parameters. The only processing dependent variables in non-isothermal quiescent
conditons were found to be the rate constants. Values for V;* and AU, are taken from van
Erp et al. [20], and listed in Table (2.4).

Table 2.4: List of parameter values

| V* [nm®]  AU; [kJ - mol™]

Mechanism [ 14.20 503.7
Mechanism 17 4.44 158.0

Relation between structural features and yield kinetics

The only remaining Eyring parameters to be identified are the rate constants €p;. The
results of van Erp et al. [20] can straightforwardly be translated to obtain the relation
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between the logarithm of the rate constant and the lamellar thickness, shown in Figure
(2.6).

o iPP-1
. 80 0 iPP-2
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®
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Figure 2.6: The relation between lamellar thickness and the rate constants, deduced from [20]

The relations associated to the lines depicted in Figure (2.6) are given by:

l

log(éos) = —1.90l—c + 74.01
lco (2.31)
lOg(E.O,[[) = —076l—c + 28.12
c0
with [, = 1nm. Making use of this empirical relation, which holds for multiple

iPP grades enables us to predict yield kinetics once the lamellar thickness is known.
Although the amount of imperfections present within the crystalline domains is cooling
rate dependent, a relation between lamellar thickness and rate constant is sufficient to
describe the data measured by van Erp et al. [20] under the processing conditions applied
in his work.

2.3.4 The relation between crystallization temperature and lamellar
thickness

The lamellar thickness of crystals that grow at a certain temperature 7. is inversely
proportional to the undercooling according to [42]

ZO'eTT%

le = Ahy(TO —T,)

+ 61, (2.32)

where o, is the surface free energy, Ahy is the enthalpy of fusion and 7 is the
crystallization temperature. T° is the equilibrium melting temperature, i.e. the melting
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temperature of a crystal with extremely large lamellar thickness. Here, the equilibrium
crystallization temperature is not made pressure dependent since the pressures during the
crystallization process are not far from atmospheric pressure as a result of shrinkage due
to crystal formation. This first term in eq. (2.32) represents a stable condition where the
increasing surface energy 2o, equals the reduction in free energy obtained [69]. It should
be emphasized that /. is the lamellar thickness prior to thickening. The last term in eq.
(2.32), dl, is related to the tendency of the polymer to maximize the crystal growth and
basically is a quantity arising from the kinetic nature of crystal growth, given by [42]:

KT aoAh AT + 40T?

ol =
2bp0 | agAh AT + 2019

(2.33)

where k is the Boltzmann constant, o is the lateral surface free energy, by is the thickness
of the surface layer and aq is the width of the molecule. At low and moderate cooling
rates 0 may be approximated by [70]:

ET.
ol =

N boO’

(2.34)

The relation between lamellar thickness and crystallization temperature has been subject
of many studies in the past, and an overview of some of these results is given in
Figure (2.7). For example, Cheng et al. examined iPP with different degrees of stereo
defects but similar molecular weight, and determined the lamellar thickness for samples
crystallized isothermally at different temperatures [60]. The conclusion that can be drawn
from these results is that a unique relation between 7. and [, exists, independent of the
degree of stereo defects. Iijima et al. used two iPP grades with similar isotacticity,
but different molecular weights [71]. They found a relationship 7, versus /. that holds
for both their isotactic polypropylenes, independent of molecular weight. On the other
hand, Lu et al. [61] used two isotactic polypropylenes with a much bigger difference
in molecular weight. They found that as a result of increasing molecular weights, the
surface free energy o, increases, and thus a shift in 7. versus /.. This was interpreted as
that for the lower molecular weight samples a relatively high amount of extended-chain
crystallites are formed, whereas in case of higher molecular weight samples folded chain
configurations are preferable. Experiments of Devoy et al. support this interpretation [72].
The TSL on the other hand was found to be unaffected, which is different from what
Yamada et al. [73] found in their study. Lu et al. could reasonably resolve this latter
disagreement by a crystallization theory proposed by Strobl [74] where the crystallization
and melting are non-reversible processes. Based on the findings presented above the
important conclusion is drawn that due to different molecular features present in specific
iPP grades, deviations in the relation between crystallization temperature and lamellar
thickness are found. Therefore this relation is determined for the iPP grades used in this



Background 25

study. The assumption is made that the only variable parameter in eq. (2.32) is the surface
free energy o.. In agreement with Angelloz et al. [39] and [ijima et al. [71] the equilibrium
melting temperature 7° is chosen at 193°C, and used to describe the experimental data
sets shown in Figure (2.7). An important note that should be emphasized is that the values
found for lamellar thickness from X-ray experiments (partly) depend on the techniques
used [56]. The interface distribution function as for example used by Iijima et al. gives
the most probable value for the lamellar thickness, whereas the correlation function as
for example used by Cheng et al. gives the mean value. Finally the relation of 7. versus
l. can be determined with DSC as well, as demonstrated by for example Wlochowicz et
al. [75]. Another important note is that in case of extremely narrow molecular weight
distributions trends will most likely be different, and only using o, to fit the relation is
insufficient. The data found for the iPP grades in this work will be described using the
same set of parameters, adopted from Xu et al. [76], and are given in Table (2.5).

Table 2.5: Model parameters.

Parameter value
oe[J - nm~2] 146 -10~2
70 K] 466
Ahy[J-nm™3] | 207 - 938 -10~2*
bo[nm) 0.626
olJ-nm™? 11.95-1072!

In Figure (2.7) it can be seen that experimental data of several authors can be described
using this set of parameters, and only varying the value of the surface free energy o.. In
Table (2.6) the values of this parameter are given.

Table 2.6: surface free energy

200 — lijima
180 %2 - = Wthonitz Author 0l - nm ]

* Lu
5 160 Tijima 113.88 -1072!
£ 140 Lu (Mn=12kg/mol) | 131.40-10-2!
P - Cheng 135.78 -10~2!
Wlochowitz 191.26 -10~2!
100 Lu (Mn=340kg/mol) | 219.00 -10~2!

80O 0.2

Ict [nm_l]

Figure 2.7: The relation between lamellar thickness and crystallization temperature. Lines are
fitted using an equilibrium melting temperature of 193°C. Data are reproduced from
[60,61,71,75].
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The relation between 7, and [, is determined for isothermal crystallization. For the non-
isothermal experiments the temperature-time profiles are divided into discrete temperature
steps and for each time step At a crystal volume:

AV =At-€ (2.35)

is formed with an associated lamellar thickness obtained from eq. (2.32). The additional
space-filling &, achieved during that specific time step follows from eq. (2.29). As a result
of the non-isothermal crystallization we predict lamellar thickness distributions.

2.4 Results and discussion

2.4.1 Temperature predictions

Crystallization from the melt begins with the formation of point-like nuclei that
subsequently grow into spherulites. Due to the kinetics of the crystallization process
different morphologies will arise when cooling rates are varied. In this study this was
achieved by adjusting the temperature of the cold press, ranging from 20°C to 90°C.
These temperatures act as boundary conditions in the thermal analysis. The melt was
cooled from 220°C before it was placed in the cold press. In Figure (2.8a) a calculated
cooling history of a 1 mm thick sheet in a 20°C cold press is shown, as a function of
time and position. The cooling rates are the highest close to the wall and the lowest in
the center. The effect of the latent heat release can be recognized in the center since
the decrease in temperature is followed by an increase. Subsequently the temperature
decreases again.
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Figure 2.8: An example of the predicted temperature profile as a function of time and position.
iPP-1 with the cold press set at 20°C (left) and the average time-temperature history
of iPP-1 samples prepared with different cold press temperatures.
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To validate the predicted temperature profiles, in-situ time-temperature measurements
were performed in case of the slowest and the fastest cooling rates assessed in this work.
The small thermocouple with a thickness of approximately 0.4 mm was embedded in
the polymer material to record the temperature. Since the thermocouple is relatively
thick compared to the polymer sheet, an average temperature over the sheet thickness
is measured and, therefore, a comparison is made with the calculated average time-
temperature profile, shown in Figure (2.8b). The position of the latent heat release
contributions, featured by a plateau in the time-temperature profile, reveal that the
crystallization temperatures decrease with increasing cooling rates. Moreover, it can
be seen that the predictions are in good agreement with the experimental results, and
that discrepancies arise mainly after the solidification. This can be explained by an
increasing thermal contact resistance in the experiments, which is not included in the
model. After solidification the material shrinks and as a result the contact pressure
reduces. Therefore, the predicted cooling rate is higher than the measured temperature
decrease after crystallization.

2.4.2 X-ray analysis

It is assumed that, under the moderate cooling conditions applied here, only monoclinic
alpha phase will be formed and that, therefore, the crystallization model could be
simplified to the form presented in section 2.3.2. To justify this assumption the wide
angle X-ray patterns measured on iPP-1 for all eight cooling rates are depicted in Figure
(2.9a). The crystallinities were all within 64+5% and, as expected, the characteristic
[ and ~ peak are negligible with respect to the o peak present at a scattering angle of
20 = 12.5°. Similar results are found for iPP-2.
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Figure 2.9: WAXD patterns (left) and SAXS patterns (right) measured on iPP-1 prepared with
different cooling rates by adjusting the cold press temperature.

From Bragg’s law the long spacing is obtained and via eq. (2.5) this gives the lamellar
thickness. The SAXS data of the isothermal experiments, Figure (2.9b), is also used to
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determine the interface distribution function. The corrections are explained in section
2.2.3, and a corrected 1D intensity pattern is visualised in Figure (2.10a). Also the
interference function is depicted in Figure (2.10a) and is used to calculate the interface
distance distribution function using eq. (2.8). A typical result is shown in Figure
(2.10b) where the IDF of iPP-1 measured at 120°C is shown. Gaussians are used for
deconvolution purposes. First, the most probable long spacing which is corresponding
to the first minimum in g¢;(r), is fixed. Then, by using the crystallinity obtained via
WAXD, +5% the ratio between the most probable lamellar thickness and amorphous layer
thicknes is determined and Gaussians are fitted to obtain the thickness distributions of
both the crystalline and amorphous domains. The first maximum in g (r) corresponds to
« cross hatched structures and is fitted on the resulting part of the IDF [77]. The Gaussian
distributions found via this deconvolution procedure are plotted in Figure (2.10b) as well.
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Figure 2.10: Correction of the observed intensity for electron density fluctuations and diffuse
phase boundaries (left) and an interface distance distribution function obtained
from a quasi-isothermal crystallization experiment on iPP-1 (right). The Gaussians
obtained from deconvolution indicate the cross-hatch distance distribution (line),
the amorphous layer thickness distribution (dashed line), the lamellar thickness
distribution (dots) and the long period distribution (dash-dotted).

An important observation is that, although the quasi-isothermal crystallization would
result in nearly uniform lamellar thickness according to eq. (2.32), we find distributions.
The full width half maximum (FWHM) of the Gaussians is on average 3.25 for the
isothermal crystallization experiments conducted on the two iPP grades. Consequently,
this lamellar thickness distribution is also included in the predictions. At every time step
and corresponding crystallization temperature step, a lamellar thickness distribution is
formed with this FWHM. In this work the lamellar thickness obtained from the IDF was
used since it gives the most probable value for the lamellar thickness [56]. Additionally,
the lamellar thickness obtained from the combination of SAXS and WAXD experiments
eq. (2.5) provides an estimation of the error made using the latter approach. The results
are shown in Figure (2.11) and they are used in the following part by changing the
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parameters in eq. (2.31) into the corrected ones given by:

. l IDF
log(éor) = —2.720’l—0 + 78.88
c (2.36)
. l IDF .
log(éors) = —1.09=72% +30.09
c0
E' 11 - -
¢$ iPP-1 non-isothermal
=R o iPP-2 non-isothermal
LL 10 @ iPP-1isothermal
a = jPP-2isothermal
]
7]
()
c
X
[5]
.F:
8
©
€
K] 6 . . . .
6 7 8 9 10 11

lamellar thickness Bragg'’s law [nm]

Figure 2.11: The lamellar thickness obtained from the interface distance distribution function
(IDF) as a function of the lamellar thickness obtained from Bragg’s law. Filled
markers are from isothermal crystallization experiments and open markers are
obtained from non-isothermal crystallization experiments

2.4.3 Relation between Tc and Ic

As explained in 2.3.4 experimental data of several authors could be described using
eq. (2.32) with an equilibrium crystallization temperature of 193°C and a variable
surface free energy. Although different experimental methods for lamellar thickness
determination yield differences in the values found, all presented data on the relation
between crystallization temperature and lamellar thickness can be described accurately
using the parameters given in Table (2.5) and a specific value for o, for each data set. To
obtain the o, values for the two iPP grades used in this study, quasi-isothermal cooling
experiments were conducted. In-situ temperature measurements demonstrate that the
crystallization took place at conditions close to isothermal, see Figure (2.12a). These
temperatures were plotted as a function of the lamellar thickness obtained from the IDF.

From Figure (2.12b) it can be seen that using a surface free energy which is higher
for the iPP with the highest molecular weight (iPP-2, o, = 155.5 - 1072! J/nm®) and
lower for the one with the low molecular weight (iPP-1, o, = 134.3 - 1072! J/nm?)
gives good descriptions for the lamellar thickness as a function of the crystallization
temperature. Although the value of o, is determined on a small number of experimental
data points, it seems reasonable with respect to the data reported by other authors.
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Figure 2.12: Temperature measurements in isothermal crystallization experiments (left), and the
relation between the lamellar thickness and the crystallization temperature (right).
Markers represent experimental data and lines are best fits. Filled markers are
obtained from the isothermal experiments conducted on iPP-1 and iPP-2.

This fits the the expectations based on Lu et al. [61], even though the differences in
molecular weight are so small that it is highly unlikely that this is the only molecular
feature causing this difference. From the time-temperature history within the polymer
sheet, combined with eq. (2.32) and the FWHM of 3.25, the lamellar thickness can be
calculated. Summation of the distributions obtained at the different increments during
the non-isothermal crystallization process gives the lamellar thickness distribution as a
function of the position within the polymer sheet. In Figure (2.13a) an example of such a
calculated lamellar thickness distribution profile is shown. In the center where the cooling
rate was the lowest, the formed lamellae have the largest average thickness. Furthermore
it can be seen that the width of the distribution is similar, independent of the position with
respect to the walls of the compression molding machine. Typically the non-isothermal
history adds 0.04 to the FWHM of the lamellar thickness distribution. To compare
the predicted average lamellar thickness distributions with the experimentally obtained
ones, they are plotted in Figure (2.13b) for the different cooling rates. The agreement
between predictions and experiments is good for both grades (only results for iPP-1 are
shown). The most probable lamellar thickness, as wel as the corresponding width of the
distributions fit the experimental data quite well, and differences of the average [. are
within 5%.

2.4.4 Yield stress predictions

The lamellar thickness distributions obtained are used to predict the yield stress. Either
the average lamellar thickness, or the lamellar thickness distribution can be used as an
input for the relation between lamellar thickness and rate constant, see eq. (2.31). When
lamellae of all thicknesses contribute equally to the resistance against yielding there is
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Figure 2.13: Predictions of the lamellar thickness distribution as a function of the position with
respect to the walls of the mold in an iPP-1 sheet, cooled in a cold press set at
20°C(left). Pedicted (lines) and measured (markers) average lamellar thickness
distributions for different cooling rates.

actually no difference between the two procedures. To validate the yield stress predictions,
experiments at room temperature and at 80°C at a strain rate of 10~2s~! are carried out.
Atroom temperature, both deformation mechanisms contribute to the yield stress whereas
at 80°C only the contribution of the intra lamellar deformation process contributes to the
yield stress. In Figure (2.14) it is shown that quantitative agreement is found for both mold
temperatures. The differences in yield stress that can be seen between the two grades are
in quantitative agreement with the predictions.
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Figure 2.14: Yield stress of iPP-1 (left) and iPP-2 (right) at a strain rate of 10~ and temperatures
of 23°C and 80°C. Lines are model predictions and markers are experimentally
obtained data.
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Although the two iPP grades used in this study are relatively similar in terms of molecular
weight and polydispersity some clear differences can be observed in the level of the
yield stress. These differences are first of all reflected in the crystallization model. The
nucleation density as a function of temperature and pressure is different for the two
grades and can be expected to be unique for every material. The maximum growth
rate of the alpha crystals is slightly different for the two materials and as a result of
these differences in the crystallization kinetics the range of crystallization temperatures
in a non-isothermal cooling process is different. To relate crystallization kinetics and
accompanying crystallization temperature to the formation of structural features like, in
this case, the lamellar thickness, a material specific relation between these quantities
had to be determined. In this work the inequalities were attributed to the differences in
molecular chain architecture, and captured by varying the value for the surface free energy
o.. The relation between lamellar thickness and yield stress contains the same parameters
for both the materials, except for the rate constant which follows directly from the average
lamellar thickness.

2.5 Conclusion

The 1D heat balance was successfully combined with a crystallization model capable
of predicting the kinetics in non-isothermal pressure dependent quiescent conditions,
and enabled us to predict the time-temperature history of two different iPP grades
cooled in a compression molding machine at different rates. Besides the nucleation
density as a function of temperature and the maximum growth rate of the a-crystals all
parameters in the crystallization model were the same for the two grades used in this work.
The temperature predictions were experimentally validated using in-situ temperature
measurements. The amount of crystal volume as a function of time and temperature
followed from the model framework as well, and was used in combination with the
Lauritzen Hoffman equation to predict the lamellar thickness distributions formed during
the different cooling histories. By only varying the surface free energy, which is known to
be molecular weight dependent, experimentally obtained data from multiple authors could
be described. Therefore it was chosen to find a description of the lamellar thickness as
a function of the crystallization temperature by fitting the surface free energy on data
measured in-situ during an isothermal crystallization experiment. From this relation
lamellar thickness distributions were predicted that were experimentally validated using
the interface distribution function. Good agreement was found for both the iPP grades,
not only in terms of the average lamellar thickness, but also in terms of the FWHM of
the distribution. This confirms that under the cooling conditions applied in this study the
Lauritzen-Hoffman equation can be used, despite the absence of isothermal conditions
in time and position. Finally, the lamellar thickness distributions were used together
with a corrected empirical relation between lamellar thickness and rate constant, eq.
(2.36), reported in the work of van Erp et al. This enabled us to predict the yield
stress directly after processing at all loading conditions, i.e. strain rate and temperature.
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Predictions were made for a strain rate of 1072 s~! and temperatures of 23°C and 80°C.
Tensile tests were carried out for validation and the predicted yield stresses of both
the iPP grades showed good agreement with the experimentally obtained data at all
loading conditions. This work shows that making the connection between processing
and mechanical properties is feasible. Extension to flow and multiple crystallographic
structures is part of future work.






Deformation and failure Kinetics of
iPP-polymorphs

Abstract

In this study the mechanical performance of the different polymorphs of isotactic
polypropylene, typically present in iPP crystallized under industrial processing
conditions, are assessed. Different preparation strategies were used to obtain
samples consisting of almost solely a-, - or 7y-crystals. X-ray measurements
were used to validate that the desired phase was obtained. The intrinsic true
stress-true strain response of all individual phases was measured in uniaxial
compression at several strain rates (deformation kinetics). Moreover, measurements
were performed over a wide temperature range, covering the window in between
the glass transition and the melting temperature. The relation between obtained
yield stress and the strain rate is described with a modification of the Ree-Eyring
model. Differences and similarities in the deformation kinetics of the different
phases are presented and discussed. Furthermore the presence of three deformation
processes, acting in parallel, is revealed. The Ree-Eyring equation enables life time
prediction for given thermal and mechanical conditions. These predictions were
experimentally validated using constant load tests in uniaxial compression.

Reproduced from: H.J.M. Caelers, E. Parodi, D. Cavallo, G.W.M. Peters, L.E. Govaert. Deformation
and failure kinetics of iPP-polymorphs. J. Polym Sci. Part B: Polym. Phys., 55(9), 729-747 (2017)
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3.1 Introduction

Properties of isotactic polypropylene (iPP) result from a complex interplay between
molecular architecture, strongly influenced by the polymerization method, additives,
such as nucleating agents, and the morphological structure, which depends strongly on
the thermo-mechanical history experienced during the solidification procedure. These
“tools” create flexibility in tuning all kind of properties, which is the main reason that
iPP shows such a broad application range. One can for example tune the transparency by
the addition of nucleating agent, which leads to smaller spherulites [78,79]. Toughness
can be enhanced by the addition of a beta nucleation agent [80], or the incorporation of
a copolymer [81], whereas elasticity and stiffness can be tuned with isotacticity [82]. A
growing demand of iPP is currently found in structural applications, where temperature
resistance and durability are key issues. The thermal stability can, for example, be
improved by the addition of nanoparticles [83] and the long term properties in the
ductile failure regime improve with decreasing cooling rate [20]. For this demand of a
variety of properties for all kind of products, a detailed understanding of the underlying
relations between structure and properties is of vital importance. When focusing at
a fixed molecular architecture, in this case that of high tacticity iPP, one can still
obtain huge differences in terms of crystal lattices and morphologies and, therewith,
variation in physical and mechanical properties. Optimization of the properties by
tuning the morphology with the applied conditions during the production process is a
novel route towards improved performance, but this requires first of all knowledge about
the structure property relations. In this study emphasis has been put on the effect of
the crystallographic structure on the intrinsic mechanical response and the yield and
failure kinetics. For isotactic polypropylene it is common knowledge that, depending
on the applied conditions during the crystallization process, multiple crystallographic
structures can be formed [8, 32]. If the isotacticity is sufficiently high, atmospheric
pressure and moderate cooling conditions result in the formation of monoclinic a-crystals,
schematically shown in Figure (3.1a). Low isotacticity, comonomer like ethylene, or
very high pressures result in orthorhombic ~-crystals (Figure (3.1¢)) [10, 32, 35, 84],
and the addition of S specific nucleation agent or the application of high shear rates
gives pseudo-hexagonal S unit cell structures; Figure (3.1b) [8, 85, 86]. Moreover,
quenching iPP at high cooling rates leads to mesophase formation. This is enhanced
with increasing stereoregularity [87] or propene/ethylene random copolymer content [88].
This mesomorphic form of iPP is a disordered crystalline form that shows long range
order only in the direction of the chain axis due to the ternary helical conformation. The
cooling rates required to obtain almost solely mesophase in a high tacticity iPP are in
the order of 200°C/s. From a practical point of view, these conditions are difficult to
fulfill, and would result in large thermal and structural gradients when preparing samples
for mechanical testing. Hence, the dimensions of tensile bars and of cylindrical samples
used in tensile and compression experiments respectively, have typically dimensions in
the order of millimeters. Therefore, this form is not considered in this work.
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Figure 3.1: The crystallographic structures of the iPP-polymorphs. a) monoclinic a-iPP, b)
pseudo-hexagonal 3-iPP and c) orthorhombic ~y-iPP.

The macroscopic behavior of iPP containing these structures has already been investigated
extensively. For example Van Erp et al. investigated the yield and failure kinetics of iPP
materials containing either the dense a-phase or the less dense mesomorphic phase in
uni-axial tensile deformation. Combinations of the two, in various compositions, were
investigated and some remarkable similarities were found. The activation-energy and
volume, required to describe the yield kinetics were the same for all compositions [20].
Lezak et al. studied the plastic deformation behavior in $-iPP at different temperatures
in plane-strain compression [89,90] and made a comparison with a-1PP. The initial rate
of strain hardening was found to be higher for the 3-iPP. The explanation for this is that
chain slip and plastic deformation is relatively easy in [-crystals since no interlocking
structures or cross hatches are present, whereas they typically are, in the case of «-iPP.
As a result the hardening due to molecular and crystalline orientation takes place at lower
strains [91]. The ~-1PP phase was also investigated by means of plane strain compression
by Lezak et al. [36,37]. It was found that the Young’s modulus and the yield stress
were much higher compared to the a-crystals. Similar results where found in tensile
deformation where the «-form displays elastic behavior in a relatively large range of
deformation [92,93]. These improved elastic properties in high tacticity iPP are thought
to mainly originate from the fact that v-iPP has a high fraction of tie chains (compared
to a-1PP) that connect the crystalline domains and thus behave as stress transmitters [94].
Although the mechanical response of these crystal structures has been topic of many
studies, an extensive investigation in which the focus is on both the yield kinetics and
the failure kinetics, is still lacking. Moreover, according to the knowledge of the authors,
similarities and differences in the kinetics measured over a broad range of temperatures
and strain rates have not been reported so far.

The present study focuses on this topic and compares samples containing one of the
individual crystal phases. The different protocols used to prepare the samples containing
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either a-, 3- or y-crystals will be discussed first. The results of the sample preparation are
analyzed by means of X-ray. These samples are then used to reveal the intrinsic material
response obtained from uni-axial compression experiments. The yield kinetics and the
creep behavior are determined by performing experiments over a wide range of loading
conditions. The findings are discussed separately and a model is presented that captures
the results over the whole range of experimental conditions.

3.2 Material and methods

3.2.1 Material

In this work an isotactic polypropylene homopolymer from Sabic is used. The weight
averaged molar mass Mw of this injection molding grade is 320 kg/mole with a
polydispersity index Mw/Mn of 5.4. This iPP grade is synthesized with Ziegler-Natta
catalyst and has a high tacticity.

3.2.2 Sample preparation and X-ray characterization

In order to investigate the mechanical behaviour of iPP containing almost solely one of
the distinct crystal phases, different sample preparation procedures were used. X-ray
scattering is used to determine the degree of crystallinity and the lamellar thickness, which
were measured by wide- and small-angle X-ray scattering (WAXD and SAXS) at the
Dutch-Belgian (DUBBLE) beamline BM26 of the European Synchrotron and Radiation
Facility in Grenoble (France) [47] using a Pilatus 300K and a Pilatus 1M detectors,
respectively. The pixel size of both the detectors was 172 x 172 um?. In the case of the
WAXD experiments the detector was placed at a distance of approximately 210 mm from
the sample, whereas in case of the SAXS experiments this distance was approximately
6470 mm. The wavelength of the X-ray beam was A\ = 1.033A. The exposure time was
30 seconds. All WAXD and SAXS data were background subtracted and integrated with
the software package FIT2D. The intensity was plotted as a function of the scattering
angle 20 and the weight percentage of crystallinity followed from:

- C’tot - Ca

w 3.1
X c (3.1)

Where C,; is the total intensity (integrated area) and C, is the integrated area of the scaled
amorphous halo (determined on quenched low tacticity iPP with negligible crystallinity).
The volume percentage of the crystallinity follows via

3 = Pe. (3.2)
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with p. and p, the density of the crystal phase and the amorphous phase respectively.
The WAXD pattern was then used to determine the phase content of the desired crystal
structures by means of fitting of the diffraction peaks using Voigt functions. To determine
the long period from the SAXS data, the Lorentz corrected intensity was plotted as a
function of the scattering vector g, given by:

4
g = ~sin(0) (3.3)

A
Where ) is the wavelength and © is half the scattering angle. For an isotropic system with
a randomly oriented lamellar morphology the scattered intensity can be transposed to a

1D intensity using the Lorentz correction:

Li(q) = I(q)¢’ (3.4)

2
=1, x = X (3.5)

q1,,maz

Where g1, maqz 1s the value for the magnitude of the scattering vector, corresponding to the
maximum of the Lorentz corrected intensity.

a~-crystals

Plates with a thickness of 6mm containing «-iPP were prepared using compression
moulding. The mould was placed in between a stack of aluminum foil (0.2 mm) and
stainless steel plates (3mm), and subsequently placed in a hot press at a temperature
of 230°C. Once the polymer was in the melt, pressure was applied stepwise until it
reached a final value of about 10MPa. The sample was kept at this temperature for
5 minutes, erasing thermal history, and subsequently placed in a cold press at 20°C.
After solidification the sample was removed from the mould. Cylindrically shaped
compression specimens with a diameter and a height of #34x4 mm? were machined from
the plates, stored at room temperature and used in uni-axial compression experiments
about 1 month after sample preparation. Sample characterization was done by means of
WAXD and SAXS experiments. In Figure (3.2a) the result of a radial integration on the
a-iPP pattern is shown. The characteristic o reflection at d = 4.78A (20 = 12.4°)
is marked. The reflections of - and 7-crystals are very small and can be found at
d = 5.50A 20 = 10.83°) and d = 4.38A (20 = 13.31°), respectively. After fitting
the amorphous halo, the volume percentage of crystals x was determined via (eq. (3.2))
to be 60%. Further fitting of the X-ray signal allows us to calculate the percentage of
a-crystals in the sample according to:
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Aa

a — 3.6
Xo = A A, (3.6)

where Y, is the volume fraction of a-crystals and A; is the area of the Voigt function
that was used for fitting, corresponding to the different crystal structures. From this it
was found that a successful procedure was used to prepare samples containing mainly
the a-phase with a volume percentage of approximately 94%. The lamellar thickness
is obtained from the Lorentz corrected radially integrated SAXS experiments, shown in
Figure (3.2b), and the WAXD data using (eq. (3.5)). The average lamellar thickness L. is
found to be 8.2 nm.
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Figure 3.2: a) Radially integrated intensity as a function of the scattering angle 20 (WAXD)
and b), the corresponding Lorentz corrected scattering intensity as function of the
scattering vector ¢ (SAXS), for the a-samples. The WAXD pattern is fitted using
Voigt functions. The marker represents the characteristic reflection.

[b-crystals

To study the deformation and failure kinetics of the [-phase iPP, a specific nucleating
agent, NJSTAR NUI100 (New Japan Chemical Group), was added with a weight
percentage of 0.1% using a twin screw extruder. The [ nucleated iPP pellets where
compression molded in a mold of 8mm thickness. The procedure of the melting, the
stepwise application of the pressure and the solidification was the same as for the a-
iPP. The diameter and height of the cylindrical samples for the uni-axial compression
experiments were J6x6 mm?.

The fitting of the integrated WAXD pattern, see Figure (3.3a), was again done with Voigt
functions after subtraction of the amorphous halo. The crystallinity of the 3-iPP was
determined at 64 volume % of which 95% was the actual pseudo-hexagonal 3-phase. The
long period and the lamellar thickness are larger than in case of the a-iPP (20.8 and 13.3
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nm respectively). This follows directly from the SAXS result since the crystallinity is
about the same, Figure (3.3b).
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Figure 3.3: a) Radially integrated intensity as a function of the scattering angle 20 (WAXD)
and b), the corresponding Lorentz corrected scattering intensity as function of the
scattering vector ¢ (SAXS), for the S-samples. The WAXD pattern is fitted using
Voigt functions. The marker represents the characteristic reflection.

~v-crystals

To prepare 1PP containing mainly y-crystals, a device is required that enables us to apply
pressures high enough for the formation of orthorhombic structures. From Mezghani
et al. [35] it is known that isothermal crystallization of high isotacticity iPP, like the one
used in this work, requires a pressure of 180 MPa and a crystallization temperature around
180°C. This isothermal crystallization under these conditions predominantly results in the
formation of y-crystals. For this reason, a special tool was designed, enabling us to apply
these conditions during solidification.

In Figure (3.4) a schematic of the pressure cell and a picture of the setup is shown. The
device basically consists of a hollow cylinder containing cooling channels and heating
elements. From bottom and top two plungers with a diameter of 60 mm, sealed with
teflon plates, are used to apply pressure on the polymer. With the integrated cooling
channels the applicable cooling rate is maximized and, therefore, the required time to
reach the isothermal crystallization conditions is reduced. To control the temperature,
thermocouples and heating elements are placed not only in the cylinder, but also in both
the plungers, as close to the sample as possible. The pressure is controlled manually
using a jack. The sample preparation procedure is designed on the basis of the work of
Mezghani et al. [35], and shown in Figure (3.4c), where the applied thermo-mechanical
history is shown as a function of time. The temperature is first increased to melt the
iPP granulate. After erasing thermo-mechanical history and removing the trapped air, a
pressure of 180 MPa is applied. Next, the sample is kept under isothermal conditions
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Figure 3.4: a) Schematic of the tool that is used to apply pressures for the preparation of iPP
with ~-crystals. The blue disks are teflon plates for sealing. b) A picture of the
experimental setup. ¢) The pressure-temperature protocol to prepare ~y-iPP.

at 178°C, which is sufficiently low to crystallize the material (The melting temperature
increases approximately 30°C when the pressure is increased 100 MPa, and with that also
the under-cooling [41]). Finally, when the crystallization process has finished, the sample
is cooled to room temperature by blowing compressed air trough the cooling channels.
After reaching room temperature the pressure is released and cylindrical disks containing
7-iPP are obtained. As a result, multiple compression samples of @36x6 mm? can be
machined from 1 crystallization cycle. The WAXD pattern of the v-iPP is shown in
Figure (3.5a). With fitting, the  phase content is found to be 99% of the total crystal
fraction y, determined at 67%, meaning that the used procedure resulted in almost solely
~-crystals with an average lamellar thickness L. of 10.0 nm. The SAXS pattern is shown
in Figure (3.5b) and a summary of the sample characteristics is given in Table (3.1).

Table 3.1: Sample preparation and resulting crystallinity (., and x), long period L,,, lamellar
thickness L. and amorphous layer thickness L,

| a —iPP (3 —iPP ~—iPP

Yo weight % 63 66 69
x wvolume % 60 64 67
L, [nm] 13.5 20.8 14.9
L. [nm] 8.2 13.3 10.0
L, [nm)] 5.3 7.5 4.9
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Figure 3.5: Radially integrated intensity as a function of the scattering angle 20 (WAXD)
and b), the corresponding Lorentz corrected scattering intensity as function of the
scattering vector g (SAXS), for the y-samples. The WAXD pattern is fitted using
Voigt functions. The marker represents the characteristic reflection.

3.2.3 DMTA

DMTA measurements were performed on a TA Instruments Q800. Rectangular samples
of Imm x 4.5mm x 30mm (t x w x 1), containing «, 3 and y-crystals were machined
from the polymer sheets. A frequency of 1Hz in a strain controlled experiment with an
amplitude of 5 ym/mm was applied. The storage and loss modulus were measured in a
temperature window ranging from -80°C to 150°C.

3.2.4 Mechanical testing

The mechanical characterization was done with uniaxial compression experiments
performed on a Zwick 1475, equipped with a load cell of 100kN and a temperature
chamber. Contact resistance between the cylindrically shaped specimens and the
compression setup was reduced as far as possible with PTFE tape (3M 5480) on the flat
side of the cylinder. Additionally, the contacts between the tape and the compression
plates were lubricated with PTFE spray (Griffon TF89). Constant true strain-rate
experiments were performed at rates of 1075 to 107! s~! and temperatures from -10°C
to 110°C in true strain control. In addition the time to failure was measured using creep
experiments in which constant true stress was applied. In both the type of experiments
a correction was made in the true strain calculation to account for the stiffness of the
experimental setup. Before starting the compression tests the samples were stored at the
test temperature for 10 minutes to obtain thermal equilibrium between the sample and the
thermally controlled environment in the oven.
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3.3 Results and discussion

First, the mechanical behavior is compared in terms of DMTA measurements. Next, the
intrinsic material behavior of iPP containing almost solely «, 3 or y-crystals is discussed
and compared by looking at the true stress - true strain response following from uniaxial
compression experiments at room temperature and a strain rate of 1072 s~*. Finally the
comparison is extended to the yield and failure kinetics, i.e. the yield and failure behavior
over a broad range of temperatures and strain rates.

3.3.1 DMTA results

The storage (E’) and loss (E”) moduli measured on the three iPP-samples are given in
Figure (3.6a). Both the elastic and viscous moduli show qualitatively similar behavior
in the lower temperature range. However, at temperatures between 40°C and 120°C the
[B-iPP shows a clear discrepancy when comparing with the other two samples. This is
reflected in the DMTA experiments performed on these samples, as is shown in Figure
(3.6b), where the relaxation mechanism in [3-iPP appears less pronounced. Here, the
tan(d) and the dynamic modulus Ed as a function of temperature are shown. In the
tan(9) curve characteristic material behavior can be recognized and interpreted.

From the classical work performed by Boyd [68] it is known that when going from high
to low temperatures the first peak, the o, relaxation, can be found around 90°C. This
mechanism is related to rearrangements of/on the crystal surface due to translational
movement of the stems. These movements can lead to redistributions of tight and loose
folds and the inter-crystalline links and, therefore, softening of the inter lamellar material.
The second peak, around a temperature of 15°C, is assigned to the J relaxation or the
a, relaxation. The relaxation mechanism is linked to the loss of mobility in the (bulk)
amorphous phase and is similar to the glass transition in an amorphous polymer. Finally,
the last peak at a temperature of about -40°C can be attributed to the v relaxation. This
relaxation mechanism is linked to the loss of segmental mobility in the (bulk) amorphous
phase. All iPP-samples exhibit the expected response, but in the case of 3-iPP, the a,
transition is smeared out over a much broader temperature range than for the other two
samples. The peak position of the o, relaxation is about the same for all iPP-samples. The
dynamic moduli, also shown in Figure (3.6b), reveal that the -iPP displays the highest
modulus over almost the entire temperature range. At low temperatures the «-iPP has a
much lower modulus.

An important observation for the case of iPP, is that the moduli in the o, and the a.-
relaxation regions are not a unique function of the crystallinity [68]. The variation
of the moduli with the crystallinity depends on how the crystals have been created.
Furthermore, the o, -relaxation is related to the mobile amorphous fraction (MAF) in iPP,
which can change upon storage at room temperature [58], see also sec. 3.3.3. In DMTA
experiments, the amount of MAF is reflected in the area of the o, relaxation peak [95].
With an increasing fraction of MAF, the peak area increases. Simultaneously, the area
underneath the a.-relaxation peak reflects the amount of rigid amorphous fraction (RAF).
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Figure 3.6: a) The elastic and strorage modulus of the iPP-polymorphs as a function of
temperature, and b) The dynamic modulus and the tan(d) as a function of the
temperature. The dynamic modulus E; is the lowest for a-iPP and the highest for -
iPP in almost the entire temperature window. The «. relaxation of 5-iPP is smeared
out over a much broader transition range compared to a-iPP and ~-iPP.

In a qualitative way, it can immediately be observed that the $-iPP displays a different
response, particularly in the temperature window of the a.-relaxation, indicating that the
amount of RAF is much smaller than in the case of the « and -iPP. The amount MAF
on the other hand is the largest for 3-iPP (hence the logarithmic scale). This observation
is confirmed by the work of Policianova et al. [96], where solid state NMR was used to
investigate the molecular mobility in the amorphous and crystalline domains of « and (-
iPP. Compared to -crystals, the a-crystals exhibit larger restrictions on the chain mobility
in the crystals, as well as in the constrained amorphous domains. Based on the DMTA
results it is expected that the RAF in v-iPP is even more constrained.

3.3.2 Intrinsic material response

To investigate the intrinsic stress-strain response, i.e. the material behavior in
homogeneous deformation (to eliminate effects of sample geometry), the mechanical
behavior is studied by means of uni-axial compression experiments. A typical example
of results obtained from such experiments is shown in Figure (3.7), where the response,
measured at room temperature and a strain rate of 1073 s7!, of a-, B- and ~v-1PP is shown.
Initially linear elastic behavior is displayed but with increasing strain, and consequently
increasing stress, a growing deviation from this behavior can be observed. The increasing
stress makes the system more mobile, and thereby facilitates plastic deformation. At the
yield stress, the mobility has become that high that the plastic deformation rate equals
the applied strain rate. A higher applied strain rate requires a higher stress to achieve this
balance for yielding, giving rise to the rate dependency of the yield stress. Mobility is also
facilitated by temperature, making plastic flow more easy at elevated temperatures. After
yielding, softening can be observed, subsequently followed by hardening. Obviously,
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these mechanical characteristics are strongly connected to the morphology and structure
on a microscopic scale. In the following sections we elaborate on the structural features
that are of importance for these properties, and make a comparison between the different
crystal structures.

80 : : .
10357t 23°C

true stress [MPa]

0 0.4 0.8 12

true strain [-]

Figure 3.7: Intrinsic stress-strain response in uniaxial compression experiments, measured at
room temperature and a strain rate of 1073 s71,

Elastic modulus

The elastic modulus is taken from the slope of the stress-strain response in the region were
the behavior is linear elastic. The moduli show a strong temperature, see Figure (3.8),
and rate dependence, originating from the time-dependent nature of polymeric materials.
Determination of the modulus between true strains of 0.4 % and 1% reveals that the
value of the modulus is the highest for the y-crystals and the lowest for the a-crystals.
As expected, this is correlated to the crystallinity of the samples, Table (3.1). However,
another contributing factor to the Young’s modulus is the part of the amorphous phase that
is in the glassy state at a given temperature. Besides crystallinity, the constraints imposed
by the different crystallographic structures also affects the elastic modulus. The trend is in
good agreement with the complex modulus measured with DMTA and plotted in Figure
(3.6D).

Yield stress

The yield stress of polymers depends strongly on loading conditions and, in the case of
semi-crystalline polymers, it depends on structural features like crystallinity or lamellar
thickness as well [20]. Furthermore, imperfections in the crystal lattices can have a
pronounced effect [97]. It is difficult to draw clear conclusions on the effect of these
distinct structural features, since it is hard to vary single features without affecting others.
The crystallinity of the «, 5 and -iPP studied in this work is quite similar, but differences
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Figure 3.8: The Young’s moduli obtained from uniaxial compression experiments at a strain rate
of 1072 s~ ! at different temperatures for the three iPP-polymorphs.

are present in, for example, the lamellar thickness. Moreover, the amount of imperfections
in the crystals can not be easily quantified. Although the crystallinities are comparable,
the ~-samples show a much higher yield stress than S and «a-iPP, see Figure (3.7). The
lamellar thickness of a-iPP is much smaller than the lamellar thickness of 3-iPP, but
the yield stress is similar. This illustrates the before mentioned difficulties. For a given
crystal phase the yield stress is correlated to the lamellar thickness; an increase of about
2 [nm] in the lamellar thickness of a -IPP yields an increase of approximately 8 [MPa]
in the yield stress [98]. This gives rise to the presumption that an additional feature like
the crystal unit cell structure or the accompanying amount of imperfections affects the
level of the yield stress as well. In section 3.3.3 we give a possible explanation for the
large differences in the yield stress of the ~-phase compared to o and [3-iPP, based on
the fact that in deformation at least half of the chains in the ~y-crystals is loaded under an
angle. The amorphous layer thickness and the constraints applied by the crystals on the
amorphous domains most likely affects the level of the yield stress.

Strain softening

In the amorphous phase, physical aging results in an increase in the yield stress. Upon
deformation the stress decreases and, therefore, mechanically rejuvenates the sample.
This process is called softening and is also observed in « and ~y-iPP (Figure (3.7)). The
glass transition temperature 7'g of bulk amorphous iPP is about -10°C and is therefore
lower than the temperature employed in the experiments. However, the transition from
crystalline towards amorphous domains is not sharp. In the vicinity of the crystals the
amorphous phase is constrained and thus less mobile. This leads to a gradient in the
glass transition temperature. As a result, parts of the amorphous domains can be in
the glassy state, even at temperatures far above the bulk amorphous Tg. For example,
at room temperature, in the specific case of iPP, a distinction can be made between
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mobile amorphous domains and rigid glassy amorphous domains. These domains are
possible contributors to the softening behavior observed in the true stress-true strain
response, depending on the temperature. Moreover, the amount of softening varies with
the thermodynamic state and the fraction of the rigid amorphous phase. Besides the
amorphous contribution to softening, there can also be a crystalline contribution. Yielding
or plastic flow induces the destruction of crystals at low temperatures or phase transitions
at elevated temperatures. Especially the destruction of crystals is generally accompanied
by a decrease in the resistance against deformation (softening) and, therefore, a reduction
of the stress in a constant rate experiment. The level of destruction is governed by the
mobility of the chains within the crystallographic structure which is connected to the
density. A comparison between the softening of a-, 3- and v-iPP, Figure (3.7), reveals
tremendous differences. Where the [§-crystals don’t show softening in their stress-strain
response, the ~y-crystals display a yield drop of about 15 MPa and the a-crystals are in
between.

Strain hardening

In Figure (3.7) it can be seen that 5-iPP shows much stronger strain hardening than «-iPP.
The hardening of v-iPP samples is slightly stronger than that of a-1PP. In general the level
of hardening is assigned to the network density, which is high for «-iPP [99]. In the case
of semi-crystalline polymers this density consists out of entanglements and tie-molecules,
since both can act as stress transmitters.

The entanglement density is related to the chain stiffness. Since in this work all samples
are prepared with the same polymer this can not explain the large differences observed
in the experiments. From Schrauwen et al. [26] it is known that within the exact same
polymer, different hardening moduli can be found. This observation was attributed to
reeling in; rearrangement of polymer chains that are folded into the crystals. In the case
of 3-iPP, nucleating agent is used and therefore the crystallization Kinetics are very fast,
reducing this phenomenon [100]. The v-iPP on the other hand is isothermally crystallized,
allowing in theory for chains reeling in and thus more disentanglement of the amorphous
phase. Observing significant differences in the hardening modulus caused by reeling in
requires much larger differences in crystallization times. Indeed, the time scales used by
Schrauwen et al. to investigate reeling-in were much higher than the time scales required
for the sample preparation in this work, taking this effect as an explanation for differences
between the hardening of a-, 5- and -iPP into question. However, he investigated reeling
in after the crystallization process, which is different from reeling in during crystallization
where the crystallization rate dominates.

After yielding and plastic flow, chains can move through the crystals and therefore tie
molecules loose their ability to act as a stress transmitter. However, it is known that upon
deformation the solid state phase transitions take place into either meso-phase or other
crystal structures [36,37,89,90,92,101-103]. This means that the structural integrity is at
least partially maintained, and the destruction, transformation or reformation of crystals
upon the application of strain can in that perspective no longer be neglected. To reveal
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the exact role of the different mechanisms and find out whether they explain the large
differences in hardening, further research is required.

3.3.3 Yield Kinetics

The intrinsic yield kinetics are investigated by means of compression tests of which the
results are shown in Figure (3.9), where the true stress as a function of the true strain is
plotted for some of these experiments. The markers indicate the yield stress, defined as
the maximum. Occasionally, in the case of S-iPP, a well defined yield point is missing.
In these cases the yield stress was defined as the true stress corresponding to a true strain
of 0.16 [-], which is chosen since this is a strain at which yielding typically occurs.
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Figure 3.9: a) The stress-strain response of a-iPP for different strain rates and temperatures.
The temperature range varies between a minimum temperature around the glass
transition and a maximum well below the melting temperature of the crystals. The
strain rates shown in the graphs are 10~4, 1073 and 10~2 from bottom to top. b)
The stress-strain response of S-iPP and c), The stress-strain responce of y-iPP. The
markers represent the yield stress.
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First we will focus on the yield kinetics of a-iPP to discuss the typical behavior and the
dependence on the loading conditions, i.e. temperature and strain rate. When plotting the
yield stress as a function of the applied strain rate (Figure (3.10a)), it can be observed that
at room temperature the rate dependency is much stronger than at elevated temperatures.
This typical behavior is observed for many polymeric systems, either amorphous [104]
or semi-crystalline [105] and the presence of multiple rate dependencies is related to the
different deformation mechanisms that are active.

A successful way to describe this behavior was proposed by Ree and Eyring [106], who
modeled the different rate dependencies by two stress activated deformation processes
acting in parallel according to eq. (3.7):

kT €
otal — i . hil >
Ttotal El :U Z v s (éo,iexp(_AUi/RT)) o0

where £ is the Boltzmann constant, R the universal gas constant, 7" is the temperature in
[K], € is the applied strain rate, V;* is the activation volume of deformation mechanism
i, AUj is the activation energy of mechanism ¢ and € ; is the rate constant. In this study,
however, the experimentally assessed temperature window is extended so that a third
deformation mechanism is required to adequately describe the yield kinetics.

Using this equation to fit the experimentally obtained yield stress for a-iPP results in the
description shown in Figure (3.10a).

The same fits are made for - and y-iPP shown in Figure (3.10c) and (3.10e) respectively.
At room temperature the rate dependence of the v-iPP is clearly the strongest and the
yield stress is about 20% higher than in case of the « or 3-iPP. This is partly due to the
fact that for v-iPP, the contribution of the third rate dependency can already be observed
in the response at room temperature (this is more clear in Figures (3.10b), (3.10d) and
(3.10f).

In the case of a-iPP the appearance of a third slope is less obvious than in the case of ~y-
iPP, when only looking at the rate dependency. For this reason the yield data are presented
in a different way, see Figures (3.10b), (3.10d) and (3.10f), where the yield stress is plotted
as a function of the temperature for different strain rates. From this figure it is very
obvious that the temperature dependency displays three different regions, each with their
own slope.

The parameters used to describe the yield data are given in Table (3.2) for all
crystallographic structures and the three deformation mechanisms. The activation volume
is a measure for the rate dependency, whereas the activation energy is directly related
to the temperature dependence. The rate constants are state parameters and depend on
for example the lamellar thickness or physical age of the rigid amorphous domains [20].
Variations in the rate constants are only meaningful if the activation energy and volume
are kept constant. For that reason they are not discussed further in this section, where the
values of the Eyring parameters (for the different crystal structures) are compared.
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Figure 3.10: The yield kinetics of a) a-iPP, ¢) 5-iPP and e) -iPP. Markers represent the yield

stress found with uniaxial compression experiments and lines are best fits of eq.
(3.7). The yield kinetics of b) a-iPP, d) -iPP and f) v-iPP presented as a function
of temperature. Again lines are descriptions using the Eyring theory and markers
represent the experimentally obtained yield stress.
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Table 3.2: List of parameter values

| VX [m®]  AU; [J-mol™'] ég;[s7]

a-crystals

Mechanism [ 7.70 - 10777 3.84-10° 2.0-10%
Mechanism /I | 2.31-10"%7 1.95 - 10° 4.1-10%
Mechanism 1] | 2.89-10"%7 3.95-10° 6.5-10%
B-crystals

Mechanism [ 7.70 - 10727 3.84-10° 4.2 -10*
Mechanism /I | 2.31-10"%7 1.95-10° 5.9-10%"
Mechanism 77 | 2.89 - 10~%7 3.95-10° 1.6 - 1057
~-crystals

Mechanism [ 7.70 - 10727 5.30 - 10° 2.0-10%3
Mechanism [/ | 1.59-10%7 1.25-10° 9.6 - 10"
Mechanism 77 | 2.89 - 10?7 3.95-10° 2.0-10%

The presence of the additional third deformation mechanism has already been observed
before [107-109], and for the interpretation we start from Figure (3.10). Here, it can
be clearly observed that for all three polymorphs the yield stress contribution of process
2 becomes negligible at a temperature of 80°C and a strain rate in the order of 1072-
1073 s~1. This implies that, at higher temperature or lower strain rates, there is sufficient
thermal mobility to facilitate the molecular deformation process without the requirement
of substantial stress activation. The DMTA results in Figure (3.6) indicate that this
”fade-out” region of the deformation mechanism II contribution coincides well with the
onset of the so-called a.-relaxation. This transition finds its origin in the migration of
conformational defects within the crystalline phase, causing a translational mobility of
chains throughout the crystal lattice (chain diffusion) [68, 110]. This chain mobility
releases the constraint on the inter lamellar amorphous region, allowing it to relax and
deform. This creates the peculiar situation that the relaxation strength of the a.-transition
is linked to the interlamellar amorphous regions, whereas the mobility undoubtedly
originates within the crystalline phase [68]. In the case of the o and S-polymorphs, the
activation energy for process II, 195 kJ/mol, is well within the range of 163-222 k.J/mol
reported for a.-relaxation in literature [111, 112]. It seems therefore appropriate to assign
process II to deformation of the inter lamellar amorphous regions. Remarkably, the value
for the y-polymorph is considerably lower with only 125 k.J/mol. To our knowledge,
however, there are no previous reports for a.-relaxation in v-iPP. A hypothesis for the
large differences observed between ~y-iPP and the other crystal structures is given later in
this section.
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Concerning the high temperature/low strain rate process I, plastic deformation of the
crystalline lamellae through a crystallographic slip mechanism was previously proposed
as the underlying mechanism [4,29,67,97]. Remarkably, however, the results presented
here for the different polymorphs seem to disagree with this interpretation. As
presented in Figure (3.1), the crystalline unit cells are considerably different for the
three polymorphs, and, consequently, it is difficult to imagine that the slip kinetics
of the polymorphs would be comparable. Nevertheless, the deformation kinetics (in
terms of activation volume and thus stress dependence) are nearly identical for all three
crystallographic structures. An explanation for this observation can possibly be found in
the fact that the only structural similarity between the three crystallographic structures
is the presence of isotactic chains in a ternary helical conformation. Since, above the
a.-relaxation temperature, or at appropriate time scales, these chains will have obtained
translational mobility, the origin of the plastic deformation of the lamellae might be found
in a collective diffusive mobility of the chains from which the crystal is comprised. This
collective translational mobility renders the crystal “fluid-like”, giving rise to a diffuse
type of deformation that is quite distinct from crystallographic slip [113].

The third process, appearing at low temperatures or high strain rate appears to be linked
to the low temperature transition observed in DMTA, generally assigned to the glass
transition of the unconstrained amorphous phase. For all three crystallographic structures
the activation energy and activation volume of this «,-relaxation (or [-relaxation) is
identical. The yield kinetics in the low temperature region are not influenced by the
crystals and as expected, the Eyring parameters are similar, independent of the crystal
structures. A schematic interpretation of these three different mechanisms follows from
the classical work of Boyd [68], and is depicted in Figure (3.11).

Considering this schematic representation, combined with the observations made for the
intra-lamellar deformation mechanism I, a discussion is triggered to find an explanation
for the difference in activation energy between y-iPP and the other two polymorphs. First
of all, this mechanism is interpreted as a diffuse type of deformation, rather than the
slip of planes within the crystallographic structure itself. Therefore it is suggested that
the mobility of the helix is the dominant factor to determine the stress and temperature
dependence of this process. However, as mentioned before, the activation energy for the
a and 3-iPP can be chosen the same, whereas the activation energy of +-iPP is distinctly
higher. This activation energy of the intra-lamellar deformation mechanism is not related
to the amount of imperfections in the crystals or the lamellar thickness, since both can be
modeled successfully by only varying the rate constant, as is shown by Pepels et al. [97]
and van Erp et al. [20] respectively. Therefore this can not be an explanation for the
huge difference in activation energy observed for v-iPP. On the other hand, it is known
that ~y-crystals display a crossed stacking of the chains within the lamellae, see Figure
(3.12). This might possibly be at the origin of the high activation energy and yield stress.
Due to the chain packing within the crystal lattice, stresses arising upon deformation
always act under an angle since chains are stretched perpendicular to the lamellae (also
lamellar stacks with a different orientation will at some point rotate perpendicular to the
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Figure 3.11: A schematic representation of the structure prior to deformation and after intra
lamellar deformation or crystal slip (mechanism I), Inter-lamellar or a.-relaxation
(mechanism II) and /3 or «,-relaxation (mechanism III).

deformation direction). This will hinder the diffuse crystal deformation and thus increase
the resistance against yielding. The stress acting on the chain perpendicular to the lamellar
stack can be decomposed in the following two parts: a component parallel to the chain and
one perpendicular to the chain. The stress working parallel to the chain axis direction, i.e.
the stress required for diffuse crystal deformation, is a factor cos(40°) lower then the stress
applied perpendicular to the lamellar stack. Remarkably, if we apply this same factor to
the yield stress determined with the -iPP parameters, at high temperatures, where only
deformation mechanism I contributes to the mechanical response, it follows that the yield
stress is roughly the same as the ones found for a- and (-iPP. Instead, when comparing
for example the yield stresses found at a strain rate of 1072 s~! and a temperature of
110°C, values of 27.8, 26.2 and 26.7 MPa are found for a-, 8- and -iPP respectively.
This confirms the hypothesis that the mobility of the helix within the crystal determines
the deformation kinetics, rather than the crystal structure on its own. Nevertheless, the
packing of the chain within the lattice seems to have a major influence on the level of the
yield stress.

Besides a comparison based on the parameters used in the Eyring equation, differences
and similarities in the three deformation mechanisms can also be visualized by plotting
the contributions separately. In Figure (3.13a,c,e) three distinct deformation mechanisms
at room temperature are plotted for the «-, §- and ~-crystals. From these figures it
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Figure 3.12: A schematic representation of iPP chains in ~-lamellae. The force applied

perpendicular to the lamellar stack can be decomposed in components parallel to
the chain.

follows immediately that the strong stress dependence of -iPP (at low temperatures
or high strain rates) in comparison with a- and [-iPP results from the inter-lamellar
deformation mechanism and is therefore directly related to the constrained amorphous
phase, see Figure (3.13c).

In order to compare the temperature dependence of each deformation mechanism similar
plots are made and shown in Figure (3.13b,d,f). In the intra-lamellar deformation
mechanism the vy-crystals display the strongest temperature dependence and the highest
yield stress. Around a temperature of 120°C the descriptions coincide. Here, the - and
[-crystals transform to the more stable monoclinic a- form [37,90] during deformation,
and thus the model description does not hold at temperatures in this range. For the
inter-lamellar deformation process it is found that the temperature dependence is the
weakest for 7-iPP (smallest AU), however, if the effect of € ; is taken into account
it appears that the mobility is the lowest, which might be explained with a higher amount
of constraints on the amorphous regions in the vicinity of the crystal lattices. Finally,
the bulk amorphous contribution shows a temperature dependence that intersects at 0 K,
which is expected when the activation energy and volume are equal, as can be deduced
from eq. (3.7).

So far all the mechanical analyses are performed on samples that had aged at room
temperature for at least one month. In the intrinsic material response, a relation exists
between the (aged) rigid amorphous fraction and the amount of softening, or the yield
drop. Softening resulting from the glassy part is two-fold: first of all the yield drop
depends on the age of rigid amorphous phase and second, the amount or fraction of
material in the rigid amorphous state also affects the softening. As a result there is a clear
relation between the age of the iPP and the yield kinetics below the o, temperature. This is
shown by Yue et al. [16] who investigated the effect of physical aging at room temperature.
In their work it is suggested that aging results in a decrease of the activation volume. To
our knowledge this effect has not been studied for /- or -iPP. In amorphous materials the
rate constant is typically the only state dependent variable that is modified as a result of
aging, although Senden et al. showed that in specific situations also the activation energy
can increase with aging [114,115]. Modifying the rate factor of deformation mechanisms
IT and III, where physical aging can be observed, is therefore the most straightforward
way to incorporate aging in the Eyring based description.
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Figure 3.13: A comparison of the deformation mechanisms between the different crystallo-
graphic structures. a) and b) show the rate and temperature dependence of process
I, ¢) and d) show these dependencies for deformation mechanism II and e) and f)
show the same for mechanism III.
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Because of the above mentioned effects, it makes sense to eliminate the contribution
of aging and look at the mechanical properties of the rejuvenated iPP. In this study a
thermal treatment is used to rejuvenate the rigid amorphous fractions. The samples were
first heated to 85°C and kept there for 5 minutes to thermally rejuvenate, i.e. mobilize,
the constrained amorphous phase. After this, the samples were quenched in ice-water
and tested immediately after. This treatment leaves the crystals unaffected and therefore
enables us to look at effects in the amorphous contributions only. The result of the uni-
axial compression experiments performed at room temperature and a strain rate of 1073
s~ tare shown in Figure (3.14).
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Figure 3.14: Intrinsic stress-strain response in uniaxial compression, taken at room temperature
and a strain rate of 1072 s~!. The lines are the responses measured on the aged
iPP and the dashed lines are measured on the rejuvenated iPP.

The effect of the rejuvenation treatment is particularly obvious for the v-iPP, see Figure
(3.14). The yield stress is much lower and the softening afterwards is less pronounced,
hence the yield drop is much smaller. After softening, the hardening of the rejuvenated
material coincides again with the hardening response of the aged iPP. This behavior is
similar to that observed in amorphous polymers like polycarbonate and polystyrene [116].
The effect on the true stress-true strain of the a- and $-iPP is much smaller. However,
both show a decrease in yield stress and the softening is less strong. Subsequently the
aged and rejuvenated material follow the same stress-strain response.

Yield kinetics and rejuvenation

Since the yield behavior is clearly affected by the rejuvenation treatment this will also
be reflected in the kinetics. In order to reveal the changes, experiments on rejuvenated
samples are performed. Figure (3.15) shows the deformation kinetics of the aged material
(open markers) together with the yield stress resulting from rejuvenated samples. New
Eyring parameters values are determined for the yield data of process II, see Table (3.3),
and the results are represented by the dashed lines in Figure (3.15). For the -iPP, the rate
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dependence becomes much less strong. This difference of v-iPP with respect to a- and
[-1PP can either be a result of the sample preparation procedure or it can be related to
differences in aging kinetics. To model this, the rate constants of deformation mechanism
IT and IIT both have to be adapted.

When looking at the new parameters values (Table (3.3)) it indeed follows that with only
achange in €y 7 and € ;77 the kinetics of the rejuvenated material at temperatures of 23°C
and 50°C can be captured, as is illustrated in (3.15) for all crystal structures.

Table 3.3: List of parameter values for the rejuvenated samples

‘ V* [m3]  AU; [J-mol™'] éo; [s7]
a-crystals
Mechanism [ 7.70 - 10777 3.84-10° 2.0-10%
Mechanism /I | 2.31-10"%7 1.95 - 10° 2.0-10%®
Mechanism /1] | 2.89-10"%7 3.95-10° 1.0 - 10%
B-crystals
Mechanism [ 7.70 - 10727 3.84 - 10° 4.2.10"
Mechanism /I | 2.31-10"%7 1.95 - 10° 1.0-10%
Mechanism 77 | 2.89 - 10=%7 3.95-10° 1.6 - 1058
~-crystals
Mechanism [ 7.70 - 10727 5.30 - 10° 2.0 -10%3
Mechanism II | 1.59-10=%7 1.25-10° 5.5 1016
Mechanism 77 | 2.89 - 10~%7 3.95-10° 9.0 - 106

The temperature and rate dependence of the inter lamellar deformation mechanism for
the rejuvenated samples is shown in Figure (3.16) and compared with that of the aged
samples. As observed before, rejuvenation only leads to a shift in the rate and temperature
at which the mechanisms become active. The decrease in yield stress seems to be
inversely proportional to the amount of RAF.

DMTA

Finally, the rejuvenation is examined with DMTA experiments. Again the behavior
of rejuvenated material is compared with that of aged iPP, see Figure (3.15b,d,f). It
immediately becomes clear that the biggest differences are observed in the temperature
range of approximately 0°C to 75°C. This corresponds to the temperature window at
which a distinction can be made between rigid and mobile amorphous domains, and is
in good agreement with the work of Struik [33]. At lower temperatures, where the entire
amorphous volume fraction is in a glassy state, and at higher temperatures, where the
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Figure 3.15: The yield kinetics of the iPP-polymorphs for a range of temperatures.
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markers represent the yield stress obtained from aged iPP and solid markers are
measured on rejuvenated material. Solid and dashed lines are Eyring descriptions
of the aged and rejuvenated iPP respectively, for a) a-iPP, b) 5-iPP and c) ~-iPP.
The complex modulus and the tan(d) of aged (solid lines) and rejuvenated (dashed
lines) iPP containing a) «, b) 5 and c) y-crystals.

amorphous material is completely in the mobile state, the complex modulus is equal for
aged and rejuvenated samples. The tan(d) at low temperatures has decreased in the case

of the 3-iPP.
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Figure 3.16: a) The rate dependence of the inter lamellar deformation mechanism, and b) the
corresponding temperature dependence.

3.3.4 Failure kinetics

In creep experiments, in which a constant load is applied and the resulting strain is
measured, three creep regimes can be distinguished. First, the primary creep regime
can be identified during which the strain increases with a decreasing plastic strain-rate.
Subsequently secondary creep will be observed. In this regime the plastic strain rate is
steady and accumulation of plastic strain takes place. Finally, in the tertiary creep regime,
acceleration of plastic strain rate takes place results in the occurrence of failure. A set of
typical results measured on a-1PP at room temperature, is shown in Figure (3.17a).
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Figure 3.17: a) The strain as a function of time under constant loading conditions. Markers
indicate the minimal (red) and maximal plastic flow rate (green) in the creep
experiment. b) The accompanying Sherby-Dorn plot to illustrate the plastic flow
rates for the set of creep experiments.
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The lines represent the creep curves, the red symbols mark the minimum in the plastic
strain rate and the green markers indicate the time of failure, corresponding to a maximum
in the strain rate. The determination of these points is done with a Sherby-Dorn plot,
given in Figure (3.17b). With increasing stress levels or temperatures, the accumulation
of plastic strain is accelerated and thus failure takes place at shorter time scales. The strain
at which the failure occurs, €, is always in the order of 0.9 [-].

In the work of Bauwens-Crowet et al. it is shown that creep in the secondary regime
is identical to the plastic flow in the yield point [117]. Since the mode of failure in the
creep experiments is similar to the mode of failure in the constant strain rate experiments,
the same kinetics will be followed. To illustrate that this holds also for experiments
performed in this study, the applied stress of the creep experiments is plotted as a
function of the plastic flow rates obtained from the Sherby-Dorn plots, Figure (3.18).
The Eyring description (gray lines), used with the parameters determined on the constant
rate experiments and given in Table (3.2), coincides with the creep data.
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Figure 3.18: The applied stress of «-iPP is plotted as a function of the plastic strain rate for
different temperatures. Lines are model descriptions using the parameters given in
Table (3.2) substituted into eq. (3.7).

In order to use the Eyring equation to describe and predict the time to failure under a
constant load, one can use the concept of critical strain. This concept is based on the
observation that the plastic flow rate as a function of the applied stress, multiplied with
the time to failure, is constant:

ttf(o) - éu(o) =C (3.8)

This relation also holds for the experiments performed here. This is validated with Figure
(3.19a), which shows that the relation between the time to failure and the plastic flow rate
is linear with a slope of -1 in a double logarithmic plot, i.e. confirming eq. (3.7).

This constant C', can be visualized in a plot where the plastic strain, accumulated as a
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result of the applied stress, is plotted as a function of time (both on a linear scale), see
Figure (3.19b). This clarifies that the constant C' is considered here as a critical strain
€cr» Which is different from the strain at failure €;. Making use of the fact that ¢, is
independent of the applied loading conditions (Figure (3.19b)) enables us to predict the
time to failure according to:

tf(o,T) = H(GU—T) (3.9)
pl\T,

where €, follows from the creep experiments and €, is the plastic strain rate. From this
equation it directly follows that at a time to failure of 1s, €., = ¢, indicated with the
dashed line in Figure (3.19a). For a given stress the plastic flow rate ¢, follows directly
from the Eyring equation, using the parameters given in Table (3.2).
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Figure 3.19: a) The plastic flow rate as a function of the time to failure on a logarithmic
scale. The open markers represent the temperatures at which the creep experiments
were performed and the filled marker is the critical strain. b) Creep curves of
samples subjected to different loads to illustrate the effect of loading conditions.
Furthermore, the definition of the critical strain and the strain at failure are indicated

Application of this concept is straightforward in the case of the a- and ~y-crystals.
However, in the case of §-iPP, the Sherby-Dorn plots do not always display a minimum
and/or maximum. Based on the creep experiments performed at lower temperatures,
where there was a clear minimum and maximum, the plastic strain rate was determined
at a true strain of 0.2 [-] and the time to failure at a true strain €7 of 0.4 [-]. The critical
strain €., used to describe the creep data of all the crystallographic structures is 0.24 [-].

When applying eq. (3.9), the predictions shown in Figure (3.20) are obtained. The
markers in these figures are the result of the creep experiments and the match proofs
the validity of the concept of critical strain. For all loads and temperatures, excellent
agreement is found, except for the creep experiments performed at 110°C. For these
experiments increasing deviations can be found upon longer times to failure. It is likely
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that this deviation is caused by structural evolution (annealing), which increases the yield

stress as a result of the applied temperature and stress level within the experimental time
scale.
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Figure 3.20: Time to failure as a function of the applied load for different temperatures of a)
«-1PP, b) 5-iPP and c) -iPP. The lines are the predictions based on the concept
of critical strain and the Eyring theory and the markers represent experimentally
obtained creep data.

3.4 Conclusion

To study the performance of iPP-polymorphs different sample preparation procedures are
used on an injection molding iPP grade. It is shown that these protocols result in samples
containing almost solely the monoclinic a-, the pseudo-hexagonal 3- or the orthorhombic
- crystal unit cell structure and therefore allow to study their mechanical response. A
comparison of the intrinsic material response shows that:
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* The 7-samples have the highest modulus and the a-samples have the lowest.
Although differences in crystallinity are small, it is assumed to partially cause the
differences in the Young’s modulus. The other contribution to the modulus follows
from the part of the amorphous phase in the glassy state (RAF) and, therefore, is
directly related to the constraints imposed by the crystals.

* The level of the yield stress turns out to be very similar for the o and the (-
crystals (for the whole range in temperature and strain rate), even though significant
differences in lamellar thickness are found. The v-crystals show a yield stress level
which is clearly higher. It is therefore plausible that besides crystallinity (similar
for all three samples) and lamellar thickness (3 much higher then a- and v-iPP) the
chain packing within the crystal lattice and the angle with respect to the lamellar
normal, contributes to the magnitude of the yield stress. Moreover, the constraints
of the amorphous chains in the vicinity of the crystals have significant influence on
the yield stress and appear to be the strongest for y-iPP.

 Softening after yielding is linked to the thermodynamic state of the rigid amorphous
fraction and was the most pronounced for v-crystals, whereas $-iPP showed no
softening. This observation fits the hypothesis that y-crystals impose the largest
constraints on the amorphous phase and suggests that constraints imposed by (-
crystals are relatively weak.

» Hardening of the 3-samples was much stronger compared to the « and y-samples.
In this work no direct factors or structural features were found that could be on
the basis of this observation. However, it is expected that further research into the
structural evolution upon deformation could explain the results.

The performance under various loading conditions of iPP, containing one of the
polymorphs, is also investigated. It is remarkably found that the yield kinetics in the
intra lamellar deformation regime (at high temperatures and/or low strain rates) are the
same for all three samples in terms of activation volume. This could be an indication
that the kinetics of this deformation mechanism are determined by the mobility of the
3/1 helix, rather than the crystal slip systems. The high activation energy of v-iPP with
respect to a- and S3-iPP is hypothetically explained by taking the angle of the chains with
respect to the lamellar surface in ~y-crystals into account.

In the inter lamellar deformation regime, which contributes to the kinetics if part of
the amorphous fraction in the vicinity of the crystals experience a reduced mobility, ~y-
iPP has the highest resistance against yielding. Rejuvenation of the samples yields a
decrease in the yield stress which is particularly strong in ~-iPP. This matches with the
above mentioned findings with respect to softening, and illustrates that the constrained
amorphous fraction is a very important factor affecting the yield stress (hence, the crystals
remain unaffected by the rejuvenation treatment). The contribution of the bulk amorphous
phase to the yield kinetics, observed at low temperatures, can be described with the same
activation volume and energy for all three samples.
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To predict the time to failure as a function of applied stress and temperature, the concept
of critical strain is successfully used. It is shown that the same critical strain can be used
for all three crystals. It is predicted that in the plasticity controlled failure regime the
performance of -iPP is better than that of a- and -iPP. The predictions were validated
with experimental results obtained from creep experiments and match very well. At high
temperature and long testing times a deviation is found between the predictions and the
experiments, probably caused by structural changes of the samples.






Deformation-induced phase transitions
in iPP polymorphs

Abstract

This detailed study reveals the relation between structural evolution and the
mechanical response of «-, 5- and -iPP. Uni-axial compression experiments,
combined with in situ WAXD measurements, allowed for the identification of
the evolution phenomena in terms of phase composition. Tensile experiments
in combination with SAXS revealed orientation and voiding phenomena, as well
as structural evolution in the thickness of the lamellae and amorphous layers.
On the level of the crystallographic unit cell, the WAXD experiments provided
insight in the early stages of deformation. Moreover, transitions in the crystal
phases taking place in the larger deformation range and the orientation of crystal
planes were monitored. At all stretching temperatures the crystallinity decreases
upon deformation and, depending on the temperature, different new structures
are formed. Stretching at low temperatures leads to crystal destruction and
the formation of oriented mesophase, independent of the initial polymorph. At
high temperatures, above T'a,, all polymorphs transform into oriented «-iPP.
Small quantities of the initial structures remain present in the material. The
compression experiments, where localization phenomena are excluded, show that
these transformations take place at similar strains for all polymorphs. For the post
yield response the strain hardening modulus is decisive for the mechanical behavior,
as well as for the orientation of lamellae and the evolution of void fraction and
dimensions. 3-iPP shows by far the most intense voiding in the entire experimental
temperature range. The macroscopic localization behavior and strain at which the
transition from disk like void shapes, oriented with the normal in tensile direction,
into fibrillar structures takes place, is directly correlated with the strain hardening
modulus.

Reproduced from: H.J.M. Caelers, E. Troisi, G.W.M. Peters, L.E. Govaert. Deformation-induced phase
transitions in iPP polymorphs. To be submitted to J. Mater. Sci.
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4.1 Introduction

Isotactic polypropylene (iPP) shows several crystal modifications (polymorphs) [7, 32].
Depending on chain architecture [10], additives [118] or the conditions experienced
during processing [14] the formation of either one of them can be enhanced. The
structures most often found are the monoclinic a-, the pseudo-hexagonal (- [8,85,86], the
orthorhombic v- [10, 32,35, 84] and the metastable meso-phase [87]. These crystals form
a morphology in which the crystalline layers (lamellae) are alternated with amorphous
layers. In a recent study the authors presented remarkable similarities in the yield and
failure kinetics of the a-, 3- and ~-iPP, obtained from uni-axial compression experiments,
even though the crystal structures are very different [119]. For the intrinsic material
response (true stress versus true strain), however, some interesting differences were
found, mainly in the post-yield behavior. It is well known that the softening and
hardening of iPP displayed in the region after yielding, involves a number of structural
modifications among which crystal destruction/melting, orientation of the surviving
crystallites and the amorphous network, and recrystallization (possibly in other crystal-
phases [92, 102, 103]). Furthermore, the typical alternating heterogeneous structure of
a relatively soft amorphous domain and a stiff crystal part introduces stress and strain
concentrations on a local scale [120]. In the case of uni-axial extension this gives rise to
an additional phenomenon. Due to the negative hydrostatic pressure that develops while
stretching, cavitation or voiding is initiated when the cavitation strength of the amorphous
phase, which is lower then that of the crystals, is exceeded [121].

From an engineering point of view it is of great importance to understand the relation
between the various (micro and meso scale) structural features of the material, and the
behavior observed on a macroscopic scale and, therefore, this has been subject of several
studies. The structural evolution of a- [93, 102, 103, 122, 123], 8- [89,90, 101, 124, 124]
and v-iPP [36,37,92] was studied for several loading geometries. In general, cavitation
is observed in case of uni-axial tensile deformation and it was found to affect yield stress
and the properties at large strain tremendously.

Because of this strong coupling, Humbert et.al. investigated the initiation of voiding
extensively [125], and concluded that, depending on molecular topology and the micro-
structural parameters, cavitation can either proceed or follow the onset of plasticity. They
related the type of cavitation, i.e. homogeneous or heterogeneous to a critical lamellar
thickness L... Below this thickness the critical shear stress for plastic crystal deformation
is exceeded before cavitation takes place, while at higher thickness the critical stress
for cavitation is exceeded before the crystals deform plastically. The effect of lamellar
thickness on cavitation found by Wang et al. [126] can be explained with this framework.
The influence of temperature was further investigated by Xiong et al. [127], who also
modeled the cavitation/shear competition successfully [128].

In all these studies, the amorphous material plays a crucial role, for example, because
it determines the critical cavitation stress. Starting from that perspective some studies
were devoted to develop techniques to quantify the Young’s modulus of the amorphous
phase [129] and the strain hardening modulus from tensile experiments [130]. The
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Young’s modulus of the amorphous phase in the initial stages of deformation can be
determined as shown by Xiong et al. [129], who used a procedure based on in-situ
SAXS and WAXD tensile experiments. They found a decreasing Young’s modulus of
the amorphous network with increasing crystallinity and temperature. With respect to
the strain hardening modulus it is concluded that at large strains the role of the network
is dominant over the residual crystalline structures, particularly in the case of tensile
deformation [26, 131]. In this perspective disentanglement induced cavitation at large
strains, and void propagation via network relaxation were investigated as well [93, 123],
and found to be able to reduce the strain hardening modulus to a large extent. Even in
strongly oriented material whitening as a result of cavitation can still occur. Subsequent
to voiding and the structure transformation into a fibrillated system, the amount of tie
molecules is decisive for the final strength before fracture/failure takes place, as is shown
by Ishikawa et al. [132].

Besides the structural features (nanometer scale) and the loading conditions discussed
before, the relation between the crystal unit cell structure itself (Angstrom scale) and
the cavitation process is investigated for a- and -iPP [133]. Using SEM techniques,
they showed that «-spherulites show micro-cracking in tensile loading. Cavitation
takes place at the early stages of deformation and starts at the spherulite boundaries
or in the equatorial region [133]. Contrary, the [-phase deforms plastically up to
high deformations. Cavitation starts in the center of the spherulite and subsequently
propagates to the equatorial regions [133]. Basic mechanisms like lamellar separation,
plastic slip and crazing seem to be involved. Due to the cross-hatched structures of a-
PP lamellae an increased stiffness is reported since crystalline domains are considered
to form a connected physical network [133, 134]. The resistance against plastic flow
is significantly less for S-iPP when compared to a-iPP, even at deformation where the
junctions of the cross hatched structures are destroyed. Therefore, intrinsic mechanical
properties of crystals are more likely to be involved in plastic behavior than their micro-
structural arrangement [102, 134, 135]. Due to reduced chain interactions and lower
packing density in [-crystals, an enhanced chain mobility is obtained [134, 135]. An
important limitation of the SEM observation [133], is that the assessed length scale is
relatively large, especially compared to the data generated with X-ray techniques.
Despite the large number of studies in this field, a detailed comparison between «-, (3-
and v-iPP, tested in the same conditions, is still missing. The deformation and resulting
phase transitions, onset of voiding, lamellar growth or destruction and the orientation
are revealed in this work. Moreover, the relation of events taking place at the nano-
, and micro-scale level with the macroscopically intrinsic mechanical response, is still
unclear. Therefore, in this study in-situ WAXD and SAXS experiments are performed
in combination with compression and tensile experiments. The compression experiments
allow to investigate the phase transitions as a function of true stress and strain. Cavitation
does not occur in compression tests due to a positive hydrostatic pressure. Due to the
experimental restrictions, related to the compression setup blocking the diffracted X-ray,
the maximal achievable compressive strain is restricted to a true strain of about 80%.
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The tensile experiments allow to deform the material up to large strains and investigate
voiding. The disadvantage is that it is difficult to relate the phase transitions to true strain.
The combination of the two mechanical tests, together with a comparison of the different
polymorphs deformed at the exact same conditions, offers a complete overall picture.
This work provides insight on the sequence in which all these events, at the level of crystal
structure (A-scale), lamellae (nm-scale) and voids (um-scale), take place as a function of
deformation and temperature. It deals with the structural changes occurring in uni-axial
compression and extension of -, 3- and ~-iPP. This detailed picture of what happens
upon deformation allows us to explain the material behavior on a macroscopic scale in
terms of micro-scale events. Since the amount of generated data is rather large, a small
overview of how the results are presented is given first:

* First the mechanical response obtained from the tensile experiments is shown,
together with the calculated true stress as a function of the true strain. The behavior
is discussed and compared with the intrinsic material response measured in uni-
axial compression.

* The structural evolution in terms of phase transitions, crystal plane orientation and
slip, are revealed by WAXD experiments combined with uni-axial tensile tests. The
crystal phase transitions are measured in compression experiments as well, allowing
to compare these results with the ones obtained from tensile experiments (phase
transitions), and couple it to true strain.

* The combination of SAXS experiments with uni-axial tensile tests provided insights
on the onset of voiding, lamellar orientation and evolution of amorphous and
lamellar thickness. Furthermore, a transition of initially disk like average void
structure, to a fibrillar structure was found.

4.2 Experimental

4.2.1 Material and sample preparation

In this work, an isotactic polypropylene homo polymer was used (Sabic) with a weight
averaged molar mass Mw of 320 kg/mole and a polydispersity index Mw/Mn of 5.4.
Sheets of iPP material with a thickness of approximately 1mm, containing monoclinic
a-crystals, were prepared by compression molding. The granular material was placed
in a mold and heated to 230°C, after which a pressure of about 5 MPa was applied
stepwise. The material was kept under these conditions for 10 minutes to erase the
thermo-mechanical history. Then, the solidification was induced by putting the mold
in a cold press (25°C) for three minutes. The preparation of sheet material containing
pseudo-hexagonal 3-crystals was done following the same procedure but with a material
containing 0.1 wt% [-specific nucleating agent (NJSTAR NU100, New Japan Chemical
Group). To obtain the highest possible S-phase content, solidification was induced by
cooling for 3 minutes in a press set at a temperature of 90°C, after which the sample was
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cooled further in ambient conditions to room temperature. For the preparation of samples
containing y-crystals with an orthorhombic unit cell structure, a custom build hydrostatic
compression tool is used [119]. The temperature and pressure history, applied during
processing, is given in Figure (4.1). The preparation procedure is based on the work of
Mezghani et al. [35]. First the temperature is increased to melt the iPP granulate. After
erasing the thermo-mechanical history and the remaining air, a pressure of 180 MPa is
applied. Subsequently the sample is slowly cooled to 150°C, which is sufficiently low to
crystallize (The melting temperature increases approximately 30°C for a pressure increase
of 100 MPa [41] and thus the undercooling increases with 30°C). Finally, when the
crystallization process is completed, the sample is cooled further by blowing compressed
air through the cooling channels. After reaching room temperature cylindrical sheets of
approximately 1mm in thickness are taken out of the mold. All the iPP-sheets were stored
at room temperature for two months before tensile experiments were performed. Thick

plates of a-, 3- and y-iPP were prepared following the same sample preparation procedure
as described in [119].
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Figure 4.1: Schematic of the pressure-temperature protocol, used to prepare y-iPP samples.

4.2.2 Mechanical testing

Two loading geometries were used for mechanical testing procedures, i.e. uni-axial
compression and uni-axial tensile. Compression experiments are performed with a well
defined constant true strain rate. In this way true stress as a function of the true strain can
be related to structural changes. A special tool was developed to prevent the compression
setup from blocking the diffracted intensity during in-situ X-ray measurements to the
highest possible strain, see Figure (4.2).

The mechanical experiments were performed with a Zwick Z5.0 and the cylindrically
shaped samples, with dimensions of @¥3x3 mm?, were machined from the thick plates.
With a custom built oven temperatures of 110°C were applied. After the application of a
true strain of about 80%, the experimental setup starts to block the diffracted or scattered
intensity. In order to study structural evolutions at higher strain, tensile experiments were
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Figure 4.2: Schematic representation of the compression setup, combined with in-situ X-ray
experiments.

performed. In this way, structural changes, even the ones taking place far beyond yielding,
could be monitored. Also the onset and the evolution of the shape and dimensions of voids
can be measured during tensile deformation. A disadvantage is that it is not possible to
control the true strain rate. In tensile deformation the material deforms inhomogeneously
after reaching the yield point. To force the tensile sample to neck in front of the beam,
dumbbell shaped tensile bars were cut from the iPP-sheets, using a punch according to
Figure (4.3). Another important drawback is that the local strain of the material in the
beam area, related to the observed patterns, cannot be determined directly. However,
an alternative approach will be explained in section 4.2.3. A Linkam TST 350 tensile
stage 1s used to stretch the samples. Temperatures were chosen at 25, 50, 80 and 110°C
respectively, while a stretching speed of 12 pum/s was applied, being equivalent to an
engineering strain rate of 8- 104 s~1. The samples were stretched in horizontal direction,
schematically illustrated in Figure (4.3). In this schematic, the incident beam intensity /;
and the intensity measured with the photo diode /5 are also indicated.

Stretching the v-1PP samples as prepared, resulted in brittle failure at temperatures below
the a-transition. Obviously, this is not desired from an experimental point of view.
Therefore, the ductility of the v-iPP samples is improved with a thermal rejuvenation
treatment just before the tensile experiment. This turned out to be a successful method to
obtain the formation and growth of a stable neck. By keeping the sample for 300 seconds
at a temperature of 85°C, the constrained amorphous domains in the vicinity of the
crystals were rejuvenated, after which the samples were quenched to room temperature.
The drop in the yield stress resulting from this treatment is sufficient to obtain ductile
behavior [119, 136, 137].
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Figure 4.3: Schematic representation of the tensile setup, combined with in-situ X-ray
experiments.

4.2.3 X-ray techniques and analysis

X-ray experiments were carried out at the Dutch-Belgian beamline BM26 (DUBBLE) in
the European Synchrotron and Radiation Facility in Grenoble, France [47]. To monitor
the structural evolution upon stretching at the level of the unit cell, lamellae and voids,
the same set of experiments was repeated three times:

* The 2D WAXD patterns where recorded with a Frelon detector. This detector has
a pixel size of 97,65 x 97,65 um? and was placed at approximately 140 mm from
the sample. The acquisition time was 2.5 seconds.

* The 2D SAXS patterns where recorded with a Pilatus 1M detector. Simultaneously
with these patterns, a Pilatus 3K was used to record WAXD patterns. From now on,
we will refer to these patterns as 1D WAXD-patterns. The pixel size of the Pilatus
IM and 1K was 172 x 172 um?, with a sample to detector distance of approximately
2707 mm (for SAXS) and 283 mm (for WAXD). At this distance the Porod region
is included in the SAXS data. Again the acquisition time was 2.5 seconds.

* Another set of 2D SAXS experiments were performed with a sample to detector
distance of approximately 7258 mm, allowing to obtain scattering data at low
g-values. Again these frames where acquired simultaneously with 1D WAXD
patterns, recorded with the Pilatus 3K placed at a distance of approximately 183
mm, and an acquisition time of 2.5 seconds.

* During the compression experiments, in situ WAXD patterns where recorded using
a Frelon detector. This detector is the same as the one used for the 2D WAXD
experiments in tensile deformation, but was now placed at approximately 200 mm
from the sample. In this case the acquisition time was 1 second.

The wavelength in all the experiments was A = 1.033A. The size of the beamspot was
approximately 0.3x Imm?. The incident beam intensity I; is measured using an ionization
chamber and the transmitted beam intensity /5 is measured with a photo diode
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Data reduction

To subtract results from the X-ray experiments the data has to be normalized and
corrected. In the case of the WAXD experiments a Frelon detector was used and as a
result dark current /., i.e. the signal recorded with a closed shutter, has to be subtracted.
This is done on both the patterns recorded with (/,,) and without the sample (/).
This correction is not needed for the patterns taken with a Pilatus detector because of
the absence of readout noise and dark current. To correct for the air scattering the
background [, is subtracted. For proper subtraction I, was first corrected for the ratio
I, /I 1y between the incident beam intensity and the background. Next, a correction
factor C' = 1 pig / I5 piq s introduced to compensate for the fact that different devices
were used to detect the incident beam intensity /; and the intensity recorded by the photo
diode in the beam stop /5. The correction for the attenuation due to the presence of
a sample is then C' - I5/1;. In the case of tensile experiments the sample thickness d;
decreases during the experiment and the transmission 7' is not constant. To correct for
these contributions, eq. (4.1) and eq. (4.2) have to be used,

dy = - In(1,)(C - Iy)) @.1)

C-1
I

T =

(4.2)

where p is the absorption coefficient of the sample that can be determined from the
intensity measured for the initial sample thickness dy. Combining all the corrections
results in [138]:
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Phase composition

The crystallographic structures of iPP display a unique diffraction pattern, with intense
scattering at angles that are related to specific crystal plane d-spacings by Bragg’s law. In
Figure (4.4) typical 2D diffraction patterns of isotropic -, 8- and -iPP are shown.

The most clear diffractions of a-iPP come from the crystal planes corresponding to d-
spacings of 6.26A (110), 5.24A (040) 4.78A (130) and 4.17A/4.05A (111)/(041). For the
~-1PP the 2D-pattern looks similar and the biggest difference can be observed from the
third diffraction ring. The crystal planes and corresponding d-spacings are 6.39A (111),
5.20A (008) 4.38A (117) and 4.17A/4.05A (202)/(026). For /3-iPP only two important
diffraction peaks can be observed at d-spacings of 5.50A (300), 4.19A (301) respectively.
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a (130)

Figure 4.4: 2D WAXD patterns of iPP, characteristic for a) a-iPP, b) 8-iPP and c) -iPP. The
diffraction peak unique for a-iPP is the third clear one going from the center towards
outside of the pattern. The same holds for v-iPP, whereas the diffraction specific for
[-1PP is the most clear one in the beta pattern. All characteristic peaks are indicated
in the figure.

(b)

The arrows in Figure (4.4) indicate the characteristic «-iPP reflection (Figure (4.4a)), (-
iPP reflection (Figure (4.4b)) and ~-iPP reflection (Figure (4.4c)). When these structures
orient, the intensity migrates azimuthally to specific angles where the diffracted intensity
concentrates.

To obtain quantitative information about the phase composition upon stretching, the
patterns are radially integrated over an azimuthal angle of 180°. Voight functions are
fitted to the integrated 1D patterns to quantify crystal fractions as a function of strain and
temperature. In Figure 4.5a and 4.5b two typical examples of a deconvoluted signal of
~v-1PP are shown. The first one, Figure 4.5a, is the sample at room temperature prior to
deformation and the second one, Figure 4.5b, is the sample after deformation (last image
in top row of Figure 4.15).

The dashed black line in this figure is the amorphous halo that was fitted to the pattern to
determine the weight fraction of the crystallinity according to:

(4.4)

Where A, is the total diffracted intensity (integrated area) and A, is the integrated area
of the scaled amorphous halo (determined on quenched low tacticity iPP with negligible
crystallinity). The dotted gray lines represent Voigt functions that were fitted on the
diffraction peaks and used to determine the weight fraction of «-,3-,y- or meso-iPP
according to:

A
i = w " : 45
X X (Aa—i_AB—i_A'y—i_Ameso) ( )




76 Deformation-induced phase transitions in iPP polymorphs

ycrystals @ 25° C ycrystals @ 25° C

I[a.u.]
I[a.u]

Figure 4.5: a) An example of a deconvoluted undeformed ~-iPP sample and b) a deformed ~-iPP
sample, stretched at 25°C. The dashed black line is the amorphous halo, the dotted
gray lines are the peak fittings, the solid gray line represents the mesophase and the
solid black line is the sum of the fitted peaks. The red markers represent the radially
integrated pattern obtained from the experiments.

Where A,, Az and A, are the surfaces corresponding to the characteristic a-,/3- and -
reflections of the (110), (300) and (111) planes respectively. A,,.,, refers to the area of the
two mesophase peaks. In Figure 4.5), the gray lines correspond to this latter phase and,
together with the amorphous part (black dashed lines) and the crystal reflections (dotted
gray lines), the total (black line) fits the measured patterns very well.

Determination of Lp, Lc and La

Two different methods are used to obtain the long period, the lamellar thickness and the
thickness of the amorphous layer. The first one is based on Bragg’s law and follows from
the integrated Lorentz corrected scattering (SAXS) intensity, given by:

Ii(q) = I(q)¢’ (4.6)

where [ is the intensity and q is the scattering vector. The long period then follows via

_ A (4.7)

QIl ,max

Ly

with g, ;e the maximum of the Lorentz corrected intensity. Since the long period is
constructed of an amorphous part and a crystalline part it is straightforward that the
lamellar thickness [, follows from

l.= X (4.8)
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where Y is the volume percentage of the crystallinity obtained from WAXD experiments,
given by:

Xw
pe
X= 0w w 4.9)
E + Pa
In this equation the mass fraction of crystals, x,,, follows from eq. (4.4). The amorphous
layer thickness can then easily be obtained by subtraction of the lamellar thickness from
the long period:

lo=1,—1. (4.10)

An alternative way to determine these quantities is via the 1D auto-correlation function
71 () [52,139]. For spherical symmetry this can be calculated with

Qoo
1
(1) = @/[1((1)605(q7’) dg, (4.11)
qo0

where 7 is the real space and () is the scattering invariant defined by:

goo
Q= /11(61) dg, (4.12)
q0

To extrapolate the experimentally assessed range of the scattering vector, Debye-Bueche
[140] and the Porod law [141] are used, respectively. The long period, amorphous layer
thickness and lamellar thickness are then determined as described by Stein et al. [54].
The most important difference between the determination of these quantities via Bragg’s
law and the auto-correlation function is that the latter one gives higher values for the
lamellar thickness, and thus lower values for the amorphous domain thickness. This
originates from the interface between the two phases which is more dense then the bulk
amorphous parts and therefore considered to be part of the lamellae in the approach using
the autocorrelation function.

Lamellar quantities like the long period L, can be determined from the scattering in either
the meridional region, or the equatorial region, parallel and perpendicular to the tensile
direction respectively (See Figure (4.6)):

This allows to distinct between these features in either the tensile direction (integration of
the meridional region) or the transverse direction (integration of the equatorial region).
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Obviously, this is only of interest at relatively low strains before lamellae start to break,
voiding takes place or, depending on the temperature, the material recrystallizes.

tensile direction

Figure 4.6: Regions used for radial integration of the SAXS patterns

Determination of the strain

Due to the shape of the tensile samples and the inhomogeneous deformation after yielding,
the true strain of the sample volume in front of the X-ray beam cannot be calculated
directly from the applied engineering strain. However, the X-ray data can also be used to
determine the draw ratio of the sample volume in front of the beam [142]. This allows us
to obtain all structural parameters as a function of actual deformation. It should be noticed
that, although we intended to create an uni-axial deformation, this was not guaranteed due
to the initial sample shape, which was forced by the experimental conditions (i.e. the start
of a neck in a known position where the beam is positioned), and the complex plastic
deformation mechanisms accompanied with localization phenomena and crystal phase
transitions. Moreover, the deformation mode (anything between uni-iaxial and planar) can
change during the deformation path and these changes can be temperature, deformation
rate, void formation and phase dependent. To deal with this complex situation we will
analyze our experimental data by considering two limiting cases: pure uni-axial and pure
planar deformation.

To determine the true strain, the draw ratio ); in the tensile direction, defined as

Ly

N\ = L
! lo

(4.13)
should be determined first. Here [ is the initial length of an arbitrary volume in front of
the beam at ¢ = 0 and /; is the length at time ¢. If we now assume incompressibility, we
get:
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l()’wodo = ltwtdt (414)

Combining this with eq. (4.13), and with the assumption of uni-axial deformation, i.e.
the contraction in the tensile-, width- and thickness direction is equal, eq. (4.15) can be
applied to obtain the actual draw ratio. This calculated ratio is resulting from the decrease
of polymeric material in the beam area.

1 do

Mani = — = (=)? 4.15

l, )\?l (dt) ( )

The sample thickness at time ¢, defined as d;, can be straightforwardly calculated using
eq. (4.1), and at time ¢ = 0 the initial thickness d, follows from

d() = ,uln([l,tzo/(C’ . IQ’t:())) (416)

Substitution of eq. (4.1) and eq. (4.16) into eq. (4.15) allows us to determine the
draw ratio on the local level of the beam spot, without determination of y. This ratio
is determined on a homogenized volume since the beam dimensions are much larger then
the spherulites and the lammellae. To calculate the draw ratio for plane strain conditions,
eq. (4.17) is used.

1 dy

At =5 = (0

» ) (4.17)

In this case, the draw ratio in tensile direction equals the draw ratio in thickness direction,
but the sample width remains constant upon stretching. The true strain and true stress
then follow via

€true,;n = ln()\l,n) (418)

and

Otrue;n = Oeng * )\l,n (419)

for both the assumptions of uni-axial deformation and plane strain conditions. The
subscript 7 in this equation denotes either uni-axial deformation or plane strain conditions.
The approach presented here, which is based on the intensity drop as a result of the sample
presence, can be used if the following assumption holds:
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[1 = [trm + Irfl + [abs + [sct ~ Itrm + Iabs (420)

where /; is the incident beam intensity, /., is the transmitted intensity which is measured
with the photo-diode, I, is the reflected intensity, I, is the absorbed intensity and I, is
the scattered intensity. However, if voids appear, large density differences are introduced
and as a result the scattered part of the intensity is no longer negligible with respect to the
transmitted part. Since the scattering from the voids takes place under a very small angle
(due to the relatively large length scales involved), the intensity measured in the photo
diode during the WAXD experiments is the sum of the scattering due to the voids, and the
transmission. This means that for the WAXD experiments the transmitted intensity can
be determined even if voids appear, and eq. (4.1) and eq. (4.16) can be applied. To obtain
the strain for the SAXS experiments, where this is not the case, simultaneously recorded
WAXD patterns (Pilatus 3K) were linked to the 2D-WAXD patterns via superposition,
indicated with the rectangular section in Figure (4.7a). The white lines indicate the slice-
shaped area used for radial integration. In Figure (4.7b), an example of the relation of
the SAXS frames as a function of the WAXD frames is shown. The color represents the
relative difference between the scaled integrated intensity as a function of the scattering
vector ¢ of the 2D- and the 1D WAXD patterns. The red markers highlight the minimum.
With this coupling, determined for all sets of SAXS-, and their corresponding WAXD
experiments, the evolution in sample thickness can be obtained.
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Figure 4.7: a) Example of a WAXD pattern measured with the Frelon detector. In the inset
the WAXD pattern measured simultaneously with SAXS is put into the 2D WAXD
pattern. b) An example of a figure used to find the minimal difference between the
two WAXD patterns. Numbers on the axes indicate the frame number.

On a very local level, an estimate for the strain can be deduced from the changing distance
between the crystal planes. Upon stretching, the evolving d-spacing can be used, similar
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to Xiong et al. [129] according to:

dpr — d
€d—space = I ThELO (421)
dhiki,0

to express the evolution in terms of a strain. In this equation dj; is the d-spacing of a
specific plane ikl in time, and dj,y, o is the spacing at time ¢ = 0.

Void fraction

Initially the scattering is caused by the crystals and amorphous phase, but upon
deformation, voids appear, and the scattering resulting from these voids becomes
dominant. This is accompanied by a strong increase in the scattering invariant due to
the large difference in the density of the material and a void. For the calculation of
the scattering invariant, cylindrical symmetry is assumed in the loading direction. The
normalized scattering invariant is then given by [138]:

f Icor q$7Qy dedeQy
= == (4.22)
f f [cor,tZO(qxv Qy)deqychy

—o0 0

where ¢, and ¢, are the scattering vector in vertical and horizontal direction respectively.
(o is the invariant at time ¢ = 0, prior to deformation.

Under the assumption that the we start from a situation without cavities, the void fraction
can be calculated directly form the invariant according to [138]:

-1

b, = {Q _ 1} . [Xxpi al Gl OV 4.23)

Qo (1 =x)(pe = pa)?

with p,. the crystal density, given by

X X X Xmeso
Pe = . " Pa + _B “Ps + =1 * Py + * Pmeso (424)
X X X X

where y; is the mass fraction of crystal phase ¢, with density p; (i ~ a, (3, 7, meso). The
values used for the density of the specific crystal phases are given in Table (4.1), as well
as the density of the amorphous phase. The fractions can be obtained from eq. (3.6).
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Table 4.1: List of densities used in eq. (4.24)
‘ « B v meso amorphous

plkg/m?] | 946 921 938 880 850

4.3 Results

Several strain and stress definitions are used in this study depending on the type of
results presented. The engineering stress o, and strain €, (also referred to as apparent
macroscopic strain) are calculated with the initial gauge length and the initial cross
sectional area. These are used when we intend to link structural transitions to the
macroscopically observed tensile behavior. When we want to clarify transitions, the true
stress oy and strain €., are sometimes used. To obtain the strain hardening modulus
we use A2 — 1/) as a strain measure [136] and finally, for the strain determined at the
local scale of the lamellae, ¢; is used.

4.3.1 The mechanical response
Tensile tests (mechanical)

In Figure (4.8a), Figure (4.8c) and Figure (4.8e), the engineering stress as a function
of macroscopic apparent strain is shown for tensile tests, performed on different iPP-
polymorphs and at multiple temperatures. Initially, linear elastic behavior can be
observed, but with increasing strain and stress the deformation becomes plastic, ultimately
leading to yield. Temperature facilitates the mobility and, therefore, has a reducing effect
on the resistance against yielding.

The two limiting cases of uni-axial extension and plane strain of a-, §- and -iPP
are shown in Figure (4.8b), Figure (4.8d) and Figure (4.8f). Up to yielding, where
the deformation is close to homogeneous, the discrepancy between uniaxial and planar
deformation is mainly observed in the initial elastic stiffness. After yielding a cross-over
takes place and, depending on the amount of softening seen in the engineering stress, the
uni-axial response increasingly deviates from the plane strain response. For -iPP, with
almost no softening, the difference is rather small.

Although in agreement with the findings presented by G’Sell et al. [143], the true stress-
true strain results obtained in the tensile experiments are different from the ones from
uni-axial compression, where softening is observed and the yield stress is much higher
(see Figure (4.9a) and Figure (4.10a)). First of all, this discrepancy can result from the
formation of cavities, that can develop due to positive hydrostatic stresses in the case
of the tensile experiments. The cavities appear on a local level and cause macroscopic
softening to (partially) disappear [144], even though locally the softening is maintained.
This phenomenon is called sequential yielding and can start prior to macroscopic yield,
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as will be shown in the following sections. Second, the stress and strain fields in a
tensile experiments can become highly inhomogeneous after yield, and cause the sample
to deform with a variable strain rate. As soon as the sample softens, locally the strain rate
strongly increases. This has a reducing effect on the amount of softening observed in the
mechanical response. Finally, the sample preparation procedure is slightly different for
compression and tensile experiments, also having a minor effect.

Compression tests (mechanical)

Since the amorphous network is crucial for the mechanical response at high strains [131],
the strain hardening modulus G, is determined from compression experiments. From
tensile experiments it is not possible to find a qualitative value for the hardening modulus
due to the difficulties discussed before. The compression experiments, on the other hand,
are perfectly suitable for this goal since localization phenomena are excluded and a well
defined constant true strain rate can be applied. Consequently, the intrinsic true stress
and true strain can be obtained and the strain hardening modulus can straightforwardly
be determined according to Haward [136]. In Figure (4.9b) a Gaussian plot, i.e. the
true stress as a function of A\ — 1 /A, is shown, for a-, - and v-iPP compressed at
room temperature with a true strain rate of 10~3s~!. The dashed lines are compression
experiments performed under the same loading conditions, but on thermally rejuvenated
samples as explained in our previous work [119]. Linear fits, determined in the hardening
regime, are represented by the dotted lines. These slopes give an estimation for the strain
hardening modulus G,. It is clear that 5-iPP has the highest strain hardening modulus
(4.2 MPa) and «-1PP the lowest (2.2 MPa). The strain hardening modulus of the ~y-iPP is
in between (3.5 MPa). Moreover, the thermal rejuvenation treatment does not affect the
hardening, but reduces the softening significantly.

In our previous work [119] we showed that the contribution of the constrained amorphous
phase to the effect of thermal rejuvenation on the yield stress, is almost similar for a- and
[-1PP, independent of the strain rate. This thermal rejuvenation treatment has no effect on
the hardening modulus, see Figure (4.9b), but mainly leads to a reduction in the true stress-
true strain response at strains around yielding. After yielding the thermally rejuvenated
samples coincide again with the aged samples. This observation is in good agreement with
the behavior typically observed in aged and, either thermally or mechanically, rejuvenated
amorphous polymers [116].

Softening after yielding is a property of an amorphous glassy material. The degree of
softening is a direct consequence of the amount of aging a sample has experienced, prior
to the mechanical testing. In the case of iPP, at a temperature above the glass transition of
the bulk material, and below the melting temperature of the crystals, softening is related
to the constrained amorphous phase (which is considered to be in a glassy state). In the
vicinity of the relatively immobile crystalline domains, the mobility of the amorphous
material is strongly reduced. The extent of the constraints can depend on a number of
morphological and crystallographic features. The strength of the secondary interactions
in the crystal is related to the density, which is the lowest in case of $-iPP (see Table
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Figure 4.8: a),c) and e) The engineering stress as a function of the apparent strain for a-, 3- and
~-iPP tensile experiments respectively, stretched at different temperatures and a rate
of 12 um/s. b),d) and f) The true stress as a function of true strain, corresponding
to figure a),c) and e). The thick solid lines are calculated for the assumption of
uni-axial deformation and the thin lines for plane strain. The markers in the figures
correspond to the 2D WAXD and SAXS images, shown in the following sections.
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Figure 4.9: a) Gaussian plots for a-, - and ~-iPP. The results are obtained from uni-axial
compression experiments at a strain rate of 1073 and a temperature of 23°C on
samples with a dimension of @6x6 mm? (8- and v-iPP) or @3x3 mm? (a-iPP).
The dashed lines are the true stress - true strain response obtained on the thermally
rejuvenated samples. b) The corresponding Gaussian plots for a-, - and v-iPP. The
dotted lines represent the strain hardening moduli G,..

(4.1)). The lamellar thickness and the density of crystal defects also affect the strength of
the constraints. Furthermore, the crossed stacking of chains within the lamellae of v-iPP
is also positively contributing to the constraints. All these constraints are directly coupled
to the properties of the crystal. With thermal rejuvenation softening partially disappears.
Particularly in ~-iPP a large reduction in yield stress is found, but also in a- and S-iPP a
decrease is observed, indicating that the iPP contains constrained amorphous material in
all three crystal phases. At 110°C, where the constrained amorphous material is mobile
(above the a.-relaxation temperature), the a- and the -iPP still show some remaining
softening, see Figure (4.10). This means that as a result of deformation, the structural
integrity further deteriorates after yielding. As can be observed from Figure 4.20 in sec.
4.3.2, this is not governed by a large reduction in crystallinity. Moreover, this reduction
is very similar for the S-iPP. Based on these observations it could be hypothesized that
the break-down of the cross hatched crystal network is responsible for the softening in a-
and ~-iPP, without destroying the crystals themselves, since these structures are typically
present in these polymorphic forms [9,32,77]. In this perspective, the absence of these
structures in the case of 3-iPP could explain why the mechanical response displays no
softening. The trends in the strain hardening moduli at 110°C are similar to that at 25°C.

To summarize, from the mechanical behavior in uni-axial compression it is hypothesized
that the intrinsic softening observed in polypropylene is an effect, mainly resulting from
the constrained amorphous domains in the vicinity of the crystals. However, as follows
from the compression experiments performed at 110°C, combined with the results of the
WAXD experiments presented in sec. 4.3.2, suggests that the constraints implied by the
cross-hatched structures, present in a- and -iPP, also contribute to the softening.
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Figure 4.10: a) The solid lines are the true stress as a function of the true strain obtained from
uniaxial compression experiments on a-, 8- and -iPP, measured at a strain rate of
103 and a temperature of 110°C on samples with a dimension of @6x6 mm? (-
and -iPP) or @3x3 mm? (a-iPP). b) The corresponding Gaussian plots for a-, 3-
and -iPP. The dotted lines represent the strain hardening moduli G,..

4.3.2 WAXD analysis
Tensile tests (WAXD)

Figure 4.11 shows the evolution of the «a-iPP crystal structure during tensile testing
in terms of the normalized 2D WAXD patterns, as a function of strain for 4 different
temperatures. Since most of the structural changes take place in the macroscopically
observed softening regime, i.e. in a small apparent strain range, it is chosen to depict
the changes as a funtion of uniaxial true strain for clarity reasons. The patterns depicted
here correspond to the markers in Figure (4.8). Initially, before straining the sample,
an isotropic diffraction pattern is observed which clearly shows the monoclinic a-phase
reflections. Upon straining the sample, the pattern becomes slightly elliptical, indicating
that the d-spacings of the crystals in the polar regions are extended whereas the distances
in the equatorial regions reduce. As a result of further straining, the reflections become
less pronounced and the scattering intensity migrates to certain angles, indicating (strong)
orientation. At high elongation at room temperature a transition from «-iPP to oriented
mesophase can be observed [145], whereas at high temperatures the isotropic «-iPP
transforms to a strongly oriented o configuration.

This azimuthal orientation is investigated in more detail by integrating the (110)
diffraction peak over an angle ranging from O to 180°. An angle of 90° represents the
equator, while 0 and 180° are the polar regions. This integration was carried out for a-
1PP stretched at the lowest and the highest temperature, i.e. corresponding to the top and
bottom row in Figure 4.11, and the results are given in Figure 4.12. Due to the strong
orientation and the high intensity at an azimuth of 90° the minor effects at lower strains
are unclear. In the inset an enlarged plot of this region is shown. The intensity transforms



Results 87

from nearly isotropic in the initial stage of deformation to a slightly oriented state prior to
yielding.

Figure 4.11: Normalized 2D WAXD patterns of «-iPP stretched at temperatures of 25°C, 50°C,
80°C and 110°C from top to bottom. The true strains, determined with the
assumption of fully uni-axial deformation, are given as well. The macroscopic
strains at which the patterns are taken are indicated by the markers in Figure (4.8).

The stretching direction is horizontal.
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Figure 4.12: a) Azimuthal spread of the (110) diffraction of «-iPP at various strains. a) uni-
axial stretching 25°C and b) 110°C. The numbers in the legend correspond to the
2D patterns in Figure 4.11.
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Straining the sample further leads to selective melting and recrystallization, and
orientation of ’old crystals’ into a strongly oriented mesophase at 25°C, and a-phase at
110°C. The peak in the azimuthal integration, representative for these oriented structures
shows up first in the yield point and evolves in the softening and hardening regions
thereafter. Small intensity maxima at 10° and 170° degrees, observed in the material
stretched at 110°C, indicate the survival or appearance of cross-hatched structures in the
stretched sample.

A similar figure can be made for 3-iPP, see Figure 4.13. In the initial stages of deformation
the isotropic diffraction rings resulting from the pseudo-hexagonal [-phase structure
become elliptical due to the (elastic) deformation. Contrary to a-iPP at room temperature,
the diffraction of the 5-iPP crystals present in the initial isotropic crystal structure seems
to be partially maintained during stretching. However, due to different localization
behavior the uni-axial true strain belonging to the 5-iPP images, is lower then the ones of
a-1PP. This makes a direct comparison complicated. Another part of the initial structure is
destroyed and forms new oriented structures. At room temperature the diffracted intensity
appears at positions typical for oriented mesophase. At elevated temperature and upon
deformation, a transition from [-crystals to oriented and more stable a-crystals takes
place.

Figure 4.13: Normalized 2D-patterns of S-iPP stretched at temperatures of 25°C, 50°C, 80°C
and 110°C from top to bottom. The true strains, determined with the assumption
of fully uni-axial deformation, are given as well. The macroscopic strains at which
the patterns are taken are indicated by the markers in Figure (4.8). The stretching
direction is horizontal.



Results 89

From an azimuthal integration over the (300) diffraction peak of 5-iPP, deformed at 25°C
and 110°C (Figure 4.14), it becomes clear that the amount of material involved in partial
melting and/or orientation is much less (as a function of apparent macroscopic strain) as
compared to a-iPP. Only in the last few frames a clear decrease in the intensity at an
azimuth of 0 and 180° is observed. The deformation of the initial structure to preferred
orientations on the other hand, continues also after the yield point (frame 3). At room
temperature, as well as at 110°C, the first evidence of recrystallization in a new oriented
phase is found in frame 5, corresponding to deformation well beyond the macroscopic
yield point.
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Figure 4.14: Azimuthal spread of the (300) diffraction of 3-iPP at various strains. a) uni-axial
stretching 25°C and b) 110°C. The numbers in the legend correspond to the 2D
patterns in Figure 4.13.

The reflections of the orthorhombic ~-phase become very vague upon deformation at
25°C, and the scattering transforms into a pattern indicative for oriented mesophase, see
Figure 4.15. Stretching at 50°C result is a similar response, however, besides mesophase
some small amounts of oriented a-iPP seems to be formed. Elongation at 80 and 100°C
results in a transition of isotropic ~-iPP into strongly oriented a-iPP. All these transitions
take place after yielding. These 2D-patterns provide qualitative information about the
orientation resulting from the stretching.

The azimuthal scan of the (111) peak and the evolution as a result of the deformation is
given in Figure 4.16, for the y-samples deformed at 25°C and 110°C. Interestingly, the
intensity remains rather isotropic until the onset of the softening after yielding (frame
5-7). The absence of the off-axis orientation means that the y-crystals do not allow for
partial orientation of the initial crystallites. After yielding, when selective melting and
recrystallization takes place, the intensity of the (111) peak in the polar regions starts to
decrease and the newly formed structures appear at an azimuth of 90°.
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Figure 4.15: Normalized 2D-patterns of +-iPP stretched at temperatures of 25°C, 50°C, 80°C
and 110°C from top to bottom. The true strains, determined with the assumption
of fully uni-axial deformation, are given as well. The macroscopic strains at which
the patterns are taken are indicated by the markers in Figure (4.8). The stretching
direction is horizontal.
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Figure 4.16: Azimuthal spread of the (111) diffraction of «-iPP at various strains. a) uni-axial
stretching 25°C and b) 110°C. The numbers in the legend correspond to the 2D
patterns in Figure 4.15.
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In Figure 4.17 the results of radial integration of the patterns measured on all crystal
phases, stretched at testing temperatures of 25 and 110°C are plotted as a function of
the scattering vector g and the true strain €;.,.. At 25°C the reflections of a- and -
iPP become less intense and broaden, particularly in the macroscopic softening region,
corresponding to true strains of about 0.2 to 2 [-]. The -crystals, on the other hand, seem
to maintain their crystallographic structure, and the biggest change observed is broadening
of the peaks. At 25°C and high strain, a- and 7-iPP eventually transform into a 1D
intensity typical for the mesophase. In the figures corresponding to elongation at 110°C
it is evident that the a-reflection seems to be maintained rather well, whereas for 5 and
~-1PP the characteristic reflections disappear, simultaneously with the appearance of the
a-reflection. The reflections remain sharp with well defined peaks up to high true strains.
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Figure 4.17: The integrated intensity as a function of the scattering vector ¢q. From a) to c) we
see the evolution of the crystallinity upon stretching at 25°C of the a-, 8- and ~y-iPP
respectively. The structural evolution is given as a function of the true strain.

The results of the approach, discussed in sec. 4.2.3, to quantify the crystal phase
composition, are given in Figure 4.18. Here, together with the apparent macroscopic
stress-strain response, the phase content of the samples deformed at 25°C and 110°C, is
shown as function of the macroscopic strain. Results of tensile experiments performed at
50°C and 80°C can be found in the supporting information.

The difference in the structural evolution at room temperature of the a-, 5- and ~-
samples that immediately draws the attention is the strong and drastic crystal destruction
during the macroscopic softening for a- and ~-iPP, which is contrasting to the slow and
gradual changes in 3-iPP. In a-iPP, almost all the crystals that are initially present in the
sample are being destroyed at low temperatures (25°C), and either transform to oriented
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Figure 4.18: The crystal phase fractions obtained from the WAXD experiments. From a) to
c) we see the evolution of the crystallinity and phase fractions upon stretching
at 25°C. Figures d) to f) show the result of the tensile experiments performed
at 110°C. From left to right we see a-, 8- and -iPP. The solid lines are the
macroscopic engineering stress as a function of the apparent macroscopic strain.

mesophase or amorphous phase. At higher temperatures, the amount of newly formed
mesophase is lower and ultimately, at a drawing temperature of 110°C reduces to zero.
At the highest temperatures the a-iPP fraction slightly changes, however, based on the
results presented in Figure 4.12 it is known that the crystals partially melt and orient,
and that the sample subsequently recrystallizes. The gradual transitions observed upon
deformation of $-iPP are also observed at elevated temperatures. Where the transition
at low temperatures is mainly from [ to amorphous or mesophase, the recrystallization
at elevated temperature gives «-iPP. The overall crystallinity slightly decreases at all
drawing temperatures. The v-iPP transforms partially to «-iPP already at a temperature
of 50°C (see supporting information). With increasing temperature the fraction of ~y-
transforming to a-phase increases, until a temperature of 110°C where this transition
takes place exclusively. To summarize, at low temperatures all polymorphs are being
partially destroyed and form amorphous material or oriented mesophase, while at high
temperatures all polymorphs transform to oriented «-iPP. In any case the crystallinity
slightly decreases. The structural changes observed from X-ray and the coupling to
the apparent macroscopic response are affected by geometric effects, rather then pure
deformation, due to localization effects. Therefore, in sec. 4.3.2, these transitions are
investigated by means of uni-axial compression.

For crystal phase transitions to take place, the chains within the crystal structures need
to have a certain amount of mobility, induced by either the applied temperature or stress.
From the results presented in Figure 4.18 it is clear that this mobility is mainly achieved
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after the yield point. From that point on, the material is able to partially melt and form
new oriented structures. The deformation at this stage is plastic. In order to determine
the onset of plastic deformation in the crystal, the evolution of the d-spacing is used. The
increasing distance between crystal planes in the polar regions of the diffraction pattern is
reflected in the d-spacing and thus, the peak positions observed in the WAXD frames. In
Figure 4.19, this evolution in d-spacing is depicted in terms of a strain obtained from eq.
(4.21), and presented as a function of the macroscopically applied strain €.
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Figure 4.19: The increase of the distance between crystal planes of a) and d) «-iPP, b) and e) /3-
iPP and c) and f) «-iPP. The strain at which the distance between the crystal planes
no longer increases following the initial slope is associated with the onset of the
plastic deformation. Figures a), b) and c) are obtained from tensile tests performed
at 25°C while d), e) anf f) are taken at 110°C.

As expected for purely elastic behavior, a linear increase in the €g_spqce 1S Obtained
first. Subsequently this increase levels off, indicating that the further increasing stress,
transmitted on the crystals, no longer results in the same increase in d-spacing. This
leveling off is clearly observed prior to yielding and can be interpreted as the onset of
collective stress-induced «-relaxation. Therefore, the onset of this deviation marks the
beginning of crystal plasticity. In the case of [-iPP this transition takes place at low
macroscopic strains compared to - and y-iPP. The transition correlates to a combination
of morphological features like density of the crystal on one hand, and lamellar thickness
on the other hand. In a- and ~-1PP, the crystals have a similar thickness (see sec. 4.3.3)
and density (Table (4.1)). The crossed stacking of chains in the «-iPP lamellae seems to
slightly postpone plastic deformation as well. Note that prior to yielding this comparison
can be made since the deformation is (close to) homogeneous.
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Compression tests (WAXD)

Since all the phase transitions are depicted as a function of the macroscopic tensile
strain, the question rises how big the effect of localization phenomena are. To answer
this, similar analysis are done on «-, 3- and 7-iPP deformed in uni-axial compression
experiments at temperatures of 25°C and 110°C, where the applied true strain rate is

constant and thus the true stress as a function of the true strain can be obtained, see Figure
4.20.
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Figure 4.20: The crystal phase fractions obtained from the WAXD experiments. From top to
bottom we see -, - and «-iPP. From left to right we see the evolution of the
crystallinity and phase fractions upon compressing at 25°C and 110°C. The true

stress as a function of the true strain obtained at a true strain rate of 10~ 25!

is
shown with the solid black lines.
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The apparent conservation of the structural integrity of (-iPP upon deformation as
observed from the tensile experiments (Figure 4.18) is purely a result of reduced
localization compared to «- and ~-iPP. In fact, during compression and at low
temperatures it even seems as if the destruction of crystals already starts at relatively low
strains, while for a- and -iPP the crystallinity starts to decrease mainly after yielding.
Furthermore, the compression experiments show no softening in (3-iPP, independent of
the temperature, whereas in the tensile experiments the 5-iPP samples do show softening
as a result of geometrical effects.

4.3.3 SAXS analysis
Tensile tests (SAXS)

To investigate the structural evolution at the nanometer length scale, SAXS data was taken
for the same set of experimental conditions as for the WAXD experiments. In Figure 4.21,
the results of the experiments conducted on a-iPP are shown.

Figure 4.21: Normalized 2D SAXS patterns of a-iPP stretched at temperatures of 25°C, 50°C,
80°C and 110°C from top to bottom. The true strains, determined with the
assumption of fully uni-axial deformation, are given as well. The macroscopic
strains at which the patterns are taken are indicated by the markers in Figure (4.8).
The stretching direction is horizontal.

The intensity scattered from the lamellae increases with temperature, which can be
explained by the difference in thermal expansion between the crystals and the amorphous
domains that increases the density contrast. The undeformed samples, with randomly
oriented lamellar stacks, give rise to a scattering circle with a homogeneous distribution.



96 Deformation-induced phase transitions in iPP polymorphs

Upon deformation, the sample transforms to a state in which the scattering of the lamellae
concentrates in the polar regions. At 25°C voids are already present at the yield point
(frame 3), evidenced by the clear lobes near the beam center. From the scattering pattern
it becomes clear that the dimensions of the voids initially have the largest dimension in the
direction perpendicular to the tensile direction. During strain softening and hardening this
gradually evolves into the opposite; the largest dimensions of the voids are now parallel
to the stretching direction. This observation is accompanied by a transition from high
aspect ratio craze-like features to a highly voided state with shear deformation zones.
This transition to micro-necking is related to the entanglement network as was shown by
for example Kausch et al. [146] and Ishikawa et al. [132]. At high temperature no clear
scattering as a result of voiding is observed at yield, however, close to the center some
kind of non-cylindrical pattern is observed. This is an indication for the formation of
voids, but with dimensions larger than the detectable length scales. Finally it is evident
that lamellae of the newly formed crystals are strongly oriented with the so-called lamellar
normal of the stacks parallel to the tensile direction.

To quantify the lamellar stack orientation upon stretching, azimuthal integrations are
performed in a similar way as for the WAXD patterns. In Figure 4.22 the intensity along
the azimuth is shown for the a-sample stretched at room temperature. After yield, in
frames 4 to 7, a strong intensity increase in the equatorial regions develops as a result
of the transformation of the shape and the growth of fibrillar voids elongated in tensile
direction. For this reason, only the first 3 or 4 frames are shown in the inset, i.e.
depending on where voiding starts to affect the result. Although the last frame depicted
in the insets already shows some features of voiding (development of a peak at 90°C), the
main intensity distribution during the early stages of deformation is a direct result of the
orientation of the lamellar stacks.
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Figure 4.22: a) Azimuthal intensity of the lamellar scattering at various strains of a-iPP. a) uni-
axial stretching at 25°C and b) 110°C. The numbers in the legend correspond to
the 2D patterns in Figure 4.21.



Results 97

An important observation done at 110°C is that in the initial stages of deformation the
intensity of the lammellae concentrates at angles of 45° and 135°. This phenomenon
is often attributed to break-up in between lamellae [125, 147-149], following after
cavitation. Here, the scattering patterns show no evidence of voids with a length scale
similar to that of the lamellae. Combined with the absence of this preferential orientation
in tests performed at room temperature, where there is voiding prior to yielding, it is
therefore more likely that the material adopts this orientation because it is preferential
for plastic deformation. At room temperature, where we are below 7., a different
mechanism takes place which could indicate that the constrained amorphous network is
strong enough with respect to the crystallites, to prevent the material to transform to this
orientation.

The 2D SAXS patterns measured on §-iPP are shown in Figure 4.23. The scattering
intensity close to the center is much stronger then that observed in the a-samples, meaning
that the samples exhibits much more voids in the domain of detectable void sizes. This
holds for all temperatures. The process of voiding starts already in the early stages of
deformation.

25°C

50°C

80°C

110°C

Figure 4.23: Normalized 2D SAXS patterns of 3-iPP stretched at temperatures of 25°C, 50°C,
80°C and 110°C from top to bottom. The true strains, determined with the
assumption of fully uni-axial deformation, are given as well. The macroscopic
strains at which the patterns are taken are indicated by the markers in Figure (4.8).
The stretching direction is horizontal.

The transition from cavities with the largest dimension perpendicular to the tensile
direction to cavities with the largest dimension parallel to the tensile direction takes,
compared to the a-phase, place at higher strains and seems less clear/unfinished, even
in the final stages of the stretching experiment. The scattering from the newly formed
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crystals appears in the polar regions, indicating that the lamellar normals are oriented
parallel to the tensile direction.

The intensities along the azimuths is shown in Figure 4.24. The tensile experiment is
started from a state which is not completely isotropic. At 25°C the scattering of the voids
affects the integrated intensity almost immediately. At 110°C cavitation is observed first
in the third frame, corresponding to the yield point. Although a small anisotropy seems
to be present from the beginning of the experiment there is no evidence for a tendency
of the formation of a pattern with a orientation at + and -45°, which is different from
a-1PP. These observations are similar to the results found by Men et al., who worked on
Poly(1-butene) [150], and claimed cavitation through lamellar breakup.
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Figure 4.24: a) Azimuthal intensity of the lamellar scattering at various strains of 3-iPP. a) uni-
axial stretching at 25°C and b) 110°C. The numbers in the legend correspond to
the 2D patterns in Figure 4.23.

Finally, Figure 4.25 contains the SAXS patterns taken from tensile experiments performed
on 7-iPP. Based on the scattering intensity it is expected that the void fraction (within
the detectable range) is in between that of a- and [3-iPP. The onset of voiding is clearly
before yielding at low temperatures, and also at high temperatures there is some evidence
since the scattering close to the center deviates from circular. At 110°C the scattering
of the original lamellae becomes strongly elliptical, before the selective melting and
recrystallization into oriented crystallites with the lamellar normal in tensile direction
takes place. Similar to the o- and [-iPP the dimensions of the voids are initially
larger perpendicular to the tensile direction and transform to shapes that have the largest
dimensions parallel to the drawing direction. This happens beyond yielding and takes
place more gradual then in case of «-1PP.

The intensity as a function of the azimuth is depicted in Figure 4.26 for the tests performed
at 25°C and 110°C. The latter has a preferred orientation at angles of 45° and 135°,
which indicates that also in ~-iPP the lamellar break-up or orientation takes place prior to
yielding, similar to a-1PP.
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Figure 4.25: Normalized 2D SAXS patterns of -iPP stretched at temperatures of 25°C, 50°C,
80°C and 110°C from top to bottom. The true strains, determined with the
assumption of fully uni-axial deformation, are given as well. The macroscopic
strains at which the patterns are taken are indicated by the markers in Figure (4.8).
The stretching direction is horizontal.
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Figure 4.26: a) Azimuthal intensity of the lamellar scattering at various strains of y-iPP. a) uni-
axial stretching at 25°C and b) 110°C. The numbers in the legend correspond to
the 2D patterns in Figure 4.25.

To quantify the void fraction, the 2D patterns are integrated according to eq. (4.22), which
holds for the assumption of cylindrical symmetry, and by substitution of the result into
eq. (4.23), the evolution of void fraction as a function of the strain is obtained. This
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procedure was applied on the a-, 8- and ~-iPP for all the experimental conditions, and
the result is shown in Figure 4.27. The increase of the void fraction becomes particularly
clear at the strain where macroscopic yielding takes place. Based on the 2D images this
can be linked to the transition of perpendicularly oriented voids towards voids parallel to
the tensile direction, which coincides with a large increase in the scattering intensity. In
the case of a-iPP deformed at 25°C, ¢, increases simultaneously with the macroscopic
softening. This increase stops at the end of the softening after which the volume fraction
decreases. Since a volume fraction is considered, two possible explanations can be given
for this observation: 1) The voids grow (or coalesce) to larger dimensions and therefore
are no longer in the detectable size domain. 2) Due to the extension of the voids and
the resulting cylindrical dimensions, together with the fibrillar material morphology in
between, the negative hydrostatic stresses reduce severely, causing the voids to collapse.
This also leads to a reduction in volume.

When considering the «-iPP elongated at high temperatures, no notable void fraction can
be measured although the 2D-patterns clearly show the presence of voids, evidenced by
the non-circular scattering close to the beam center. The intensity in these 2D images is
given on a logarithmic scale, and thus, the early stage of void initiation immediately
becomes clear. Apparently these effects are not strong enough to cause a scattered
intensity increase, significantly large to be reflected in the void fraction. In the case of (-
PP the void fraction starts to increase at the yield point and continues to grow throughout
the entire experiment. The two phenomena that cause the ¢, in «-iPP to decrease are not
present in the J-sample. With increasing temperature, the volume percentage of voids
decreases. At 25°C and 50°C, the ~v-iPP shows an increase in the scattered intensity that
is sufficiently large to be reflected in the void fraction. This starts to develop at the yield
point, and continues to grow with incresing strain. However, after softening the void
fraction reaches a plateau.
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Figure 4.27: Void volume fraction as a function of the macroscopic strain for a-iPP (a), 5-iPP
(b) and -iPP °C (c), elongated at 25, 50 80 and 110°C.
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Lamellar morphology

The crystal phase transformations are accompanied by changes in the lamellar
morphology. For structural information on the lamellar thickness, the long period and
the amorphous layer thickness, in both the tensile and transverse direction, the equatorial
and meridional regions were integrated separately, see Figure (4.6). The integrated 1D
intensity was Lorentz corrected and the methods described in section 4.2.3 were applied.
In Figure 4.31 of the supporting information, the results are presented as a function of the
macroscopic strain, in the range where the analysis could be applied, i.e. before crystals
were destroyed too much. The most interesting observation is done while stretching -
1PP at 110°C, see Figure 4.28. As expected, the lamellar thickness obtained using Bragg’s
law is lower then the ones obtained by using the auto-correlation function. In the latter
case, the dense amorphous transition zones in the vicinity of the crystals add up to the
crystal thickness. In that case, self evidently, the amorphous layers are thinner. In the
elastic deformation regime, the long period in the equatorial region clearly increases.
The evolution of the long period in the meridional region behaves opposite and even
displays a decreasing trend. Based on the results obtained from Bragg’s law, it follows
that the amorphous regions increase in the initial stages of deformation, however, also
the crystalline regions slightly thicken. After yielding, the associated destruction of ~y-
iPP and the transformation to a-iPP, a sudden increase in long period is observed. This is
dominated by the thickening of lamellae, that increase on average from approximately 8-9
nm, to 12-13 nm, see Figure 4.28. This strong increase is only observed in the «y-samples
after yielding at high temperature, see supporting information.
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Figure 4.28: a) Crystal phases in -iPP upon stretching at 110°C, and b), The evolution of the
long period, lamellar thickness, and amorphous layer thickness.

If we consider the ~y-crystal lattice and compare it with the newly formed a-lattice,
the schematically depicted transformation in Figure 4.29 is obtained. This transition is
investigated in detail, using WAXD experiments, by Auriemma et al. [92], who reported
the transformation of v-iPP (prepared in a low stereo regularity iPP) into «-iPP upon
stretching. Their findings and interpretations of the different mechanisms involved at
the unit cell level, combined with the increase of the long period simultaneously with
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the phase transition, suggest that the helical chain conformation is maintained during
the transformation. During the destruction of v-iPP at 110°C, the ternary helical chain
conformation seems to be maintained, and directly incorporated in the newly formed a-
lattice. The observation of the increasing lamellar thickness could be worked out further,
and offers a special way to obtain a-iPP with large crystal thickness obtained from hot
drawing of ~y-iPP.
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Figure 4.29: Suggested deformation of a ~y-crystal with the orthorhombic unit cell structure
at a temperature of 110°C. The newly formed lamellar crystal is comprised of a
monoclinic alpha unit cell structure.

4.4 Discussion and conclusion

Tensile and compression experiments are combined with in-situ SAXS and WAXD
measurements to reveal deformation induced structural evolution phenomena at multiple
length scales for the three well known polymorphs of iPP. WAXD experiments are used
to obtain information about phase transitions, selective melting and orientation of crystal
planes. The orientation of lamellae, their thickness and the thickness of the intermediate
amorphous layers, follow from the SAXS experiments, as well as the appearance and
growth of voids. The findings, with respect to the structural evolution, are linked to the
macroscopic intrinsic mechanical response.

Based on our previous work and the intrinsic behavior presented in sections 4.3.1 and
4.3.2 we hypothesize that the typically amorphous phenomenon of softening is mainly
due to the constrained amorphous regions in the vicinity of the crystals, rather then
deterioration of the crystals.

With respect to the crystallographic structures, the WAXD experiments revealed that
at low temperatures all polymorphs undergo a (partial) phase transition to oriented
mesophase or amorphous phase at large strains. At elevated temperature, the newly
formed structure is predominantly the thermodynamically most stable oriented v form.
From the compression experiments it is found that the true strain at which these transitions
take place is similar for all polymorphs and, therefore, not the cause for the different
macroscopic behavior.

The crystallinity of all polymorphs decreases at similar true strain, independent of the
loading conditions, whereas softening is mainly observed in a- and -iPP. These are the
crystalline forms with the highest density. The extent to which crystals constrain the
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amorphous phase is dominated by density (secondary interactions) and lamellar thickness
or crystal defects. Apparently, the higher density of a and v-iPP outweighs the influence
of thicker lamellae in 3-iPP. The crossed configuration of chains in y-iPP lamellae seems
to act as an additional constraint, whereby a rejuvenation treatment is needed in order to
obtain the formation and growth of a stable neck in tensile deformation.

To obtain a rejuvenated constrained amorphous phase, mobility has to be created in
constrained amorphous layers by either thermal treatments or mechanical deformation.
The WAXD experiments show that the S-crystals deform at relatively low strains, clearly
prior to yielding. This allows the constrained amorphous domains to gain mobility and
soften. Since for (-iPP this happens far before yielding, it might partially explain the
absence of softening.

Based on the observation of softening in - and v-iPP at a testing temperature of 110°C,
which is above the a.-relaxation temperature, it is hypothesized that this is a result of
the cross-hatched structure. Break-down of these structures deteriorates the structural
integrity, causing a reduction of the stress. In the absence of cross-hatched structures, as
is the case for §-iPP, softening is not observed at this temperature.

The evolution of the lamellar orientation suggests that upon stretching «- and v-iPP
behave different from S-iPP. In the latter one, the lamellae show no clear orientation
while stretching at high temperatures. From the intrinsic behavior it is found that the
strain hardening modulus is the highest in 5-iPP. The crystal shear starts the earliest and
also the onset of voiding, which is the most intense in 3-iPP, is observed at the lowest
strains. The observation that the crystal planes seem to slip before voiding starts, suggests
that in $-iPP the critical shear stress is exceeded before the critical cavitation stress is
reached.

The ~-1PP, with the crossed chain configuration in the crystal lattice, interestingly shows a
strong increase in long period and lamellar thickness while stretching at high temperature.
In the softening regime, where the 7-crystals transform to «-crystals, the lamellar
thickness in the equatorial regions increases to such an extent, that it is plausible to
assume that the part of the chain originally incorporated in the crystal, maintains the
ternary helical conformation during this transition.

The low strain hardening modulus of a-iPP causes the initial disk-like voids to transform
into an ellipsoid with a larger shape, oriented in the tensile direction, at relatively low
apparent macroscopic strains, compared to the +- and (3-iPP, with the higher strain
hardening modulus. In fact, for 5- and y-iPP this transition is still not completely fulfilled
at large macroscopic strains.

Where the crystal structure and topology determine to a large extend the pre-yield
behavior, and indirectly contribute to the level of the yield stress, the network is decisive
in the post yield behavior (strain hardening). The constrained amorphous phase in the
vicinity of the crystalline material is of vital importance for the softening observed after
yielding and the strain hardening modulus determines when voids transform to other
shapes.
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Supporting information
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Figure 4.30: The crystal phase fractions obtained from the WAXD experiments. From a) to
c) we see the evolution of the crystallinity and phase fractions upon stretching at
50°C. Figures d) to f) show the result of the tensile experiments performed at 80°C.
From left to right we see «, § and y-iPP.
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Figure 4.31: Long period, amorphous layer thickness and lamellar thickness determined via
Bragg’s law and the 1D autocorrelation function versus the macroscopic strain for
«-iPP (a,d,g,j), B-iPP (b,e,h,k) and ~-iPP (c.f,i,1), all elongated at 25, 50 80 and
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Long term failure predictions in
polypropylenes

Abstract

Polymers display time-dependent behavior which ultimately leads to failure when
loads are applied. To give guarantee for lifespans of 50 years and more, certification
data is generated. Typically, to accelerate failure kinetics, elevated temperatures
are used. As a consequence, the temperature range in which the experiments
are performed covers regions above and below the o relaxation temperature 7y, ,
where different molecular mechanisms govern failure. In a well-established testing
procedure, ISO9080, time-temperature superposition (TTS) is used to estimate the
time-to-failure as a function of the applied stress via linear regression in both the
plasticity controlled failure regime and the slow crack growth controlled failure
regime. This procedure lacks some important features making the applicability
of TTS doubtful for materials like isotactic polypropylene (iPP) and iPP random
cop-polymers (RACO’s). Firstly, this approach makes no distinction between the
different molecular mechanisms dominating the plasticity controlled failure in the
different thermal regimes. Secondly, structural evolution, and consequently, the
evolution of properties is not taken into account. In this study, the evolution of
structure over time will be quantified, and the effect on mechanical properties in
the plasticity and crack growth controlled failure regime will be discussed. It is
shown that two distinct types of structural evolution both lead to an increasing
yield stress. Moreover, it is discussed how these evolutions can corrupt the TTS
procedure, and which precautions need to be considered when applying ISO9080.
It is demonstrated that cyclic thermal conditions can have a significant effect on the
life time at a specified load, particularly when fluctuating around 7, . Finally, we
show that the brittle failure is not a crack growth controlled mechanism, but rather
a mechanism with dominant plasticity controlled characteristics.

Reproduced from: H.J.M. Caelers, N. Perillo, R.A.C. Deblieck, G.W.M. Peters, L.E. Govaert. Long
term failure predictions in polypropylenes. To be submitted.
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5.1 Introduction

Polymers are increasingly employed in load bearing applications, in which long term
properties play an important role. For this reason, load bearing capacity and durability
are important topics in current material research. One should be aware that when a load
or a stress is applied on a polymer component, failure will always occur in time, even at
stress levels far below the yield stress. In general, three different failure regimes can be
recognized: I) plasticity controlled failure (ductile), II) fatigue crack growth controlled
failure (brittle) and brittle fracture due to chemical degradation (III), see Figure (5.1)
[2,151].

I: plasticity
controlled failure

II: crack growth
controlled failure

appl)

log(o

III: chemical
degradation

log(ttf)

Figure 5.1: Schematic of time-to-failure response as a function of applied stress, typically
observed in thermoplastics.

Depending on loading conditions like temperature and applied stress, either one of
the three governs. Obviously, it is of major importance to be able to predict and
ideally postpone the moment at which this occurs. This is a complicated task since all
mechanisms have a different origin and, therefore, require a separate strategy. Chemical
degradation for example leads to a reduction in molar mass, eventually causing the
formation of many cracks. However, the development of additives has improved the
thermal and chemical stability to such a degree that this failure mode is rarely observed
[152]. Crack growth controlled failure on the other hand is observed regularly. This mode
is characterized by the formation and stable growth of a crack throughout a product,
and can be identified with creep or fatigue crack growth experiments, the latter one to
accelerate time-to-failure [153]. The slope of this mechanism is clearly steeper than that
of plasticity controlled ductile failure, and the change in slope marks the position of the
so called “mechanical knee”, i.e. the transition from ductile to brittle failure. Plasticity
controlled failure originates from an accumulation of plastic strain, ultimately leading to
large localized deformation, and can be accelerated with elevated temperatures [154]. A
full characterization and the determination of the time-to-failure can be a time-consuming
task.
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To estimate and certify lifetimes of loaded polymer products subjected to specified
loading conditions, standardized time-temperature superposition procedures are
developed. An example of such a procedure is ISO9080 [155], which is used in industry
for the prediction of pipe life-times up to time spans of 50 years. This method is developed
for thermoplastics like PE and PVC, and is also frequently used for iPP. An example of
such a certification result is shown in Figure (5.2) [156], where the procedure is applied
on an iPP grade. The markers in this figure represent the results of pressurized pipe
experiments.
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Figure 5.2: An example of certification data obtained from burst pressure experiments and a fit
of the ISO9080 certification model.

From the results in Figure (5.1), the mechanical knee and the two failure mechanisms, i.e.
plasticity- and crack growth controlled failure, can clearly be distinguished. Furthermore,
different failure mechanisms are macroscopically observed. At relatively short time-to-
failure the dominant failure mode is ductile, while at longer loading times a transition to
brittle behavior is found. In the transition region a mixed failure mode might be observed,
and occasionally weeping, i.e. leakage through percolated cavities, is observed. The lines
in this figure denote the description using the 4-parameter model of ISO9080, and are
based on time-temperature superposition:

&

logio(ttf) = C1 + (—> + C3 - logio(on) +

-
- Cy - logro(op) Lo

v G.D

In this equation oy, is the hoop stress and T is the temperature in °K. Failure, particularly
in the plasticity controlled regime, is strongly accelerated by an increase in temperature.
As a result of this strategy, the time required to do reliable life time predictions for life
spans up to 50 years, reduces to about 1.5 years.

Unfortunately, however, the ISO9080 certification procedure lacks some important
features that can not be neglected when considering polypropylenes. Firstly, it is well
established that semi-crystalline polymers display more than one molecular deformation
mechanism in the ductile failure regime, each having their own rate dependence. Above
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the o, relaxation temperature, i.e. the temperature at which chains in the crystal
experience sufficient mobility to display translational movement in and out of the
lamellae, the intra lamellar deformation mechanism is responsible for the resistance
against deformation, while below this temperature also the inter-lamellar mechanism
contributes. This latter mechanism originates from a reduced mobility of the chains within
the crystal. In ISO9080 two slopes are recognized, see Figure (5.1), but only one of them
represents the plasticity controlled failure regime. This means that the parameters used
for time temperature superposition are determined on different deformation mechanisms
with contrasting stress and temperature dependence and, because of that, most certainly
do not properly describe the actual kinetics.

Secondly, it is well-known that structural changes may take place in time, which largely
affects the mechanical response. Temperature can significantly influence the type and
rate of these structural changes and hence, controls the rate of change in properties. As
a result the physical state of the material after prolonged loading at different stress and
temperature will not be comparable [157, 158]. This implies that the TTS procedure
builds on corrupted data. Self-evidently this can corrupt the long term predictions, for
which samples are tested at various temperatures and for various times.

In this study it is aimed to estimate the importance of these missing components. This
is investigated with an alternative model that takes into account both the shortcomings
mentioned before. The two approaches, ISO9080 and Eyring, are based on a power
law and an exponential respectively. Experiments are used to compare between the two
approaches.

5.2 Experimental

5.2.1 Materials and sample preparation

In this study several polypropylenes are used to demonstrate that the phenomena discussed
here are generic to this type of material. Besides three homo polymer injection molding
grades with similar molecular weight and polydispersity, the group of materials also
contains a random copolymer (extrusion grade) and a [-nucleated injection molding
grade. The propylene granulate was kindly provided by Borealis and SABIC. An
overview of these materials is given in Table (5.1).

5.2.2 Mechanical testing

A compression mold was used to obtain iPP sheets. First, the granulate was placed in
between aluminum sheets (0.1mm) and brass plates (3mm). Subsequently the stack was
placed in a hot press and heated to 220°C. After melting the material, a pressure of about
5 MPa was applied stepwise, and the sample was kept for 5-10 minutes at 220°C to erase
thermo-mechanical history. Solidification was induced by placing the stack in a cold press
at a temperature of 20°C, or 80°C in the case of iPP-4. A punch was used to obtain dog-
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Table 5.1: Materials

Material | Mwlkg/mole] PDI ethylene[wt%] B — nucleant[wt%]

PP —1 310 3.4 — —
PP —2 365 5.4 — —
PP —3 320 5.4 — —
1PP —4 710 4.4 3.3 —
1PP—5 320 4.4 — 0.1
1PP —6 740 4.4 — —

bone shaped tensile bars (ISO 527 Type 1BA and ASTM D1708) out of the iPP plates.
The tensile and creep experiments were conducted with a Zwick Z010 tensile machine,
equipped with a Eurotherm temperature control and a 1kN load-cell. The dynamic loading
experiments were performed on an Instron E1000, equipped with a Hielkema temperature
control and a 1kN load cell

5.2.3 X-ray analysis

X-ray experiments were performed on sheet material with varying annealing history
to determine the degree of crystallinity and the lamellar thickness. These scattering
experiments were performed at the Dutch-Belgian (DUBBLE) beamline BM26 of the
European Synchrotron and Radiation Facility in Grenoble (France) [47]. A Pilatus 1M
detector with a pixel size of 172 x 172 um?, was used to obtain small-angle X-ray
scattering (SAXS) patterns. The detector was placed at a distance of approximately 1420
mm from the sample. The wavelength A was 1.033A and the samples were exposed for 30
seconds. The background was subtracted from the SAXS data with the software package
FIT2D.

The lamellar thickness and the thickness of the amorphous layer was obtained from the 1D
correlation function, determined from the integrated Lorentz corrected scattering (SAXS)
intensity, given by:

Li(q) = I(q)¢’ (5.2)

Here [ is the intensity and q is the scattering vector. The 1D auto-correlation function
71 (r) [52,139] is, under the assumption of spherical symmetry, given by:

qoo

T(r) = 0 / Ii(q)cos(qr) dg, (5.3)

40
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where 7 is the real space and () is the scattering invariant defined by:

qoo
Q= /II(Q) dg, (5.4)
q0

To extrapolate the experimentally assessable range of the scattering vector in the low g-
range, Debye-Bueche [140] is used. At high g-values, the Porod law [141] is used for the
extrapolation. The amorphous layer thickness L, (because the crystallinity  is higher
than 50%) and the long period L,, are subsequently determined as described by Stein et
al. [54]. The lamellar thickness L. is obtained from the difference between the two. The
linear crystallinity is obtained according to:

L.

Y = L_p (5.5

5.2.4 Scanning electron microscopy

Tested samples of the creep experiments are used for scanning electron microscopy
(SEM). The images are taken of the surface highlighted in the schematic representation
shown in Figure (5.3). Samples were etched for 30 minutes with KMnO4. The instrument
used in this study was a FEI Quanta 600 Scanning Electron Microscope. The images
shown in this work were obtained by secondary electron mode, with a primary scanning
beam of voltage of approximately 5 kV.

15 mm/

/ plane of SEM

A

5mm

Figure 5.3: Schematic of the tensile bars used for the SEM study. The gray plane represents the
surface used for SEM imaging.

5.3 Results and discussion

First, we elaborate on the structure of polypropylenes and the resulting yield kinetics.
Then, the evolution of properties over time is investigated at different temperatures.
This evolution is a result of evolving structural features that are discussed. Next, the
mechanical knee and the failure phenomena involved will be revealed. Finally, the
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consequence of these findings with respect to the ISO9080 certification procedure will
de discussed.

5.3.1 Morphology and deformation kinetics of polypropylenes

Quiescently solidified high tacticity iPP contains spherulites in which crystalline and
amorphous domains are alternately present. In the vicinity of the crystals the amorphous
domains experience a reduced mobility due to the constraints implied by the crystalline
lamellae. As a result, at certain temperatures, part of the amorphous phase can be
considered to be in the glassy state (below 7,,.) whereas at the same temperature other
amorphous regions, further away from the crystals, are still mobile. This effectively
means that solid isotactic polypropylene is either a two-phase or a three-phase material,
depending on the temperature.

When performing tensile tests it is found that the yield stress, defined as the maximum in
the stress-strain response, increases upon increasing deformation rate and decreases with
increasing temperature, see Figure (5.4a). The corresponding yield kinetics, 1.e. the yield
stress as a function of the applied strain rate measured at different temperatures, is shown
in Figure (5.4b).
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Figure 5.4: a) The macroscopic stress-strain response of iPP-3 at various strain rates and
temperatures. Markers represent the yield stress, defined as the maximum in
the tensile curve. The arrows indicate the effect of an increasing strain rate or
temperature. b) Yield stresses as a function of strain rate obtained at various
temperatures. Lines are fits obtained from the Eyring equation: eq. (5.6)

The heterogeneous micro-structure of the semi-crystalline material is reflected in the
yield kinetics since it can immediately be observed that the rate dependence at elevated
temperatures is less strong compared to the one at room temperature. The different
slopes indicate two different molecular deformation mechanisms. Above the o, relaxation
temperature a diffuse type of deformation is observed, originating from collective
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diffusive mobility of the chains within the crystal, rendering the crystal "fluid-like” [113].
Here the amorphous domains are mobile and, therefore, the resistance against deformation
is purely the result of the intra-lamellar deformation mechanism, schematically shown in
Figure (5.5 I). Obviously, the amorphous phase acts as stress transmitter between the
lamellae and is for that reason of vital importance

At lower temperature or higher strain rate, the thermal mobility is no longer sufficient
to facilitate translational movement of chains throughout the crystal (a-relaxation). As a
consequence, constraints are imposed on the inter lamellar amorphous regions by the
crystalline domains, and stress activation is required for «.-relaxation or chain slip,
schematically depicted in Figure (5.5 II). At intermediate temperature, for example 50°C,
a combination of the two can be observed where the flat slope merge into a steep one. A
further expansion of the experimentally assessed temperature window would result in a
third rate dependency [119].

Intra lamellar
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Figure 5.5: Schematic representation of the molecular deformation mechanisms in iPP. I) the
intra-lamellar deformation mechanism encountered at high temperatures or low
strain rate, and II), the inter lamellar deformation mechanism encountered at low
temperature or high strain-rate.

The two clearly distinct deformation mechanisms require separate descriptions of the
yield kinetics. A successful way to describe the yield kinetics is proposed by Ree and
Eyring [106]. They modeled the yield stress in the two regimes, as a function of applied
strain rate and temperature, with the modified Ree-Eyring equation, given by:

kT €
o - b 5.6
Ttotal Z g Z ye o (ég7i6$p(—AUi/RT)) oo

i=I,1T i=II1 %

where £ is the Boltzmann constant, 7" is the temperature in [ K], € is the applied strain rate,
V.* is the activation volume of deformation mechanism ¢, AU; is the activation energy and
€o,; 1s the rate constant.
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5.3.2 Evolution of structure and properties

In the previous section it was shown that the different structural components each
contribute to the mechanical response. An additional complexity is that these components
are subject to change over time. These changes can be accelerated or erased by
temperature. This emphasizes the importance of understanding the different processes
involved, and the influence of the loading conditions on the final outcome of (certification)
experiments.

The iPP constituents, crystalline and amorphous layers, can both display evolution. At
low temperatures, ranging from approximately 10°C (well above the bulk amorphous Tg)
to 1,., physical aging phenomena can take place in the constrained glassy layer, causing
a reduction in the mobility. Hedesiu et al. investigated the effect of aging (shrinkage
and densification) on mechanical properties as modulus and impact strength [58]. They
found an increase of the modulus and a decrease of the impact strength. Both changes
take place at a decreasing rate in time. As expected, the yield stress is affected over
time in a similar way [57]. Furthermore, the ratio between crystal phase, mobile- and
constrained amorphous fraction is related to processing which, therefore, affects the aging
kinetics [95]. At lower temperature, the bulk amorphous material is out of equilibrium
and in the glassy state as well, allowing for the same kind of evolution.

Above T, this phenomenon can not be observed because all amorphous domains
are mobile [33, 159]. However, at these temperatures the second type of structural
changes becomes more pronounced: secondary crystallization. The structural evolution
manifests itself mainly in the crystalline domains. The crystallinity and lamellar thickness
increase, and the defect density is expected to reduce. This results in a reduction of the
chain mobility in the crystalline phase that obviously increases the resistance against
deformation above 7, (in the intra-lamellar deformation mechanism). The effect of
the structural changes on the mechanical properties like the yield stress was investigated
[17,160] and a linear increase was found as a function of the logarithm of time.

These findings are summarized in Figure (5.6). The 2- and 3-phase systems are
schematically presented in the top of Figure (5.6). The dark grey blocks in this figure
represent the temperature window in which a specific phase, specified on the vertical axis,
is present. The orange blocks mark the possibility of evolution of these phases. From now
on, in this work we refer to yield stress evolution at low temperatures (see light grey block
in Figure (5.7a) as physical aging, and to evolution of properties at high temperatures as
annealing (dark grey block in Figure (5.7a).
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Figure 5.6: Graphical summary of the characteristics of polypropylenes. Schematics of the
material, present in the specified temperature range are shown in the top of the
figure. The dark grey rectangular blocks represent the temperature at which the
phase, specified on the vertical axis, is present. The orange blocks mark the regimes
where structural evolution can take place.

To investigate the yield stress evolution, the result of annealing and testing iPP-4 at several
temperatures, is shown as a function of the logarithm of time, see Figure (5.7a). As
expected, this treatment results in a linear increase of the yield stress, independent of
the annealing temperature (which equals the test temperature). The rate of yield stress
increase is plotted as a function of the annealing temperature in Figure (5.7b). The
strongest yield stress increase is observed at the lowest annealing temperature, which
is counter-intuitive. Another interesting observation is that there appears to be a jump
in the slopes around the 7, .. This is a clear indication that the mechanisms behind the
evolution of properties may be different below and above 7, .

In an attempt to separate these two different types of evolution, a test case is developed:
A set of iPP-4 samples, all prepared in the same way, was divided over two groups. One
group of samples is annealed at a temperature below 77, , 50°C, and the other group of
samples is annealed above T, , at 110 °C. The yield stress of these samples is monitored
over time by tensile tests performed at 50°C and 110°C respectively. The results are
plotted in Figure (5.8). From Figure (5.8a) it follows that the annealing treatment at
50°C leads to a strong increase in the yield stress found at 50°C, however, at 110°C,
no increase can be observed. This means that the evolution of properties resulting from
annealing below 7, is erased after the material is heated to testing temperatures above
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Figure 5.7: a) The evolution of the yield stress of iPP-4 over time, annealed and tested at several
temperatures and: b) the slope of the yield stress increase as a function of the
annealing (and testing) temperature. The light grey block indicates the temperature
region below Ty, and the dark grey block to the region above T,,, to which we refer
from now on as physical aging and annealing respectively.

T,.. Contrary, the annealing treatment performed at 110°C leads to an increase of the
yield stress found at 50°C, as well as at 110°C, see Figure (5.8b). The results presented
in Figure (5.8a) reveal that physical aging only affects the properties below 7, .
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Figure 5.8: a) The effect of annealing iPP-4 at 50°C on the yield stress, measured at 50°C and
110°C, as a function of the annealing time. b) Similar results for an annealing
treatment performed at 110°C.

To investigate the effect on the yield kinetics, the yield stresses measured directly after
sample preparation are compared with the deformation kinetics after 1 month at room
temperature, for iPP-1 and iPP-2 (see Figure (5.9)). Both show clear differences at room
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temperature and small differences at 50°C. At 80°C and 110°C, the young and aged
samples show the exact same yield stresses.
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Figure 5.9: The evolution of the yield kinetics as a result of aging at room temperature. a) The
evolution measured on iPP-1 and b), the results obtained for iPP-2. Open markers
are obtained prior to aging and filled markers are from measured after aging.

In the ISO9080 certification procedure, these effects are typically avoided by storing the
samples for several weeks at room temperature before testing. Of course, the state of the
test specimens is, therefore, different from products that are used directly after processing,
or in cyclic thermal (loading) conditions. In the last case the material is constantly going
through 7, , leading to large changes in yield stress [?,119]. Self-evidently, this situation
is totally different from the isothermal situation in certification tests.

The structural evolution, causing the change in properties in Figure (5.9) is investigated by
means of X-ray. In Figure (5.10) the linear crystallinity y, determined via eq. (5.5), with
L, and L, the long period and crystal thickness obtained from the 1D correlation function
respectively, is plotted as a function of the aging time. The amorphous layer thickness L,
is determined from the difference between Lp and L.. The 2 polymer grades both show a
constant crystallinity (within the experimental spread) after storage at room temperature
for 1 month. The long period and lamellar thickness both show a small increase, and the
amorphous layer thickness remains constant. The increase in both cases is less then 1
nm. Due to the low mobility of the crystals at these temperatures, it is expected that the
changes mainly take place in the interface of the constrained amorphous domains and the
crystals, where the chains have segmental mobility.
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Figure 5.10: The evolution as a result of aging at room temperature of a) the linear crystallinity,
b) the long period, c) the lamellar thickness and d) the amorphous layer thickness
as a function of aging time.

The evolution of the (crystalline) structure above 7, affects the properties at all test
temperatures. However, when performing the experiments, only a limited amount of
samples is subjected to high temperatures for a sufficiently long time to cause changes
in the properties. This is illustrated with the Eyring fit shown in Figure (5.11),

As can be seen, a rather good description of the yield kinetics can be obtained, however,
at loe temperatures and high strain rate the a mismatch between the Ree-Eyring fit and
the experimentally obtained data can be observed. This may be an indication that in
these conditions the bulk amorphous phase contribution to the yield kinetics, as was
also observed before in compression experiments [119]. At high temperatures and long
experimental timescales, the description clearly deviates from the measured yield stresses.
As known from Figure (5.8b), this is most likely the result of annealing. A structural
evolution, reflected in the yield kinetics at this temperature, has to originate from the
crystalline domains, as can be seen from Figure (5.11). Awareness is required when
experiments at 110°C are used for extrapolation at room temperature since it may corrupt
the extrapolation. To put it simple: How relevant is the high temperature response for long
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term predictions if the temperature also induces structural evolution that will not occur at
room temperature?
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Figure 5.11: A fit of the Eyring model, eq. (5.6), on data measured on iPP-4. At 110 °C, a
deviation between the model prediction and the experimentally obtained data can
be observed.

Again, X-ray techniques are used to investigate the structural evolution, causing this
increase in the yield stress. The results obtained from the 1D-correlation function are
shown in Figure (5.12). Remarkably, the linear crystallinity remains constant upon
annealing at 110°C for both iPP-4 and iPP-6. Similar to aging at room temperature, the
long period and lamellar thickness show an increase, and the amorphous layer thickness
remains constant. Although the maximum annealing time at 110°C is an order of
magnitude lower than the one at room temperature, the increase in lamellar thickness
is much stronger (more than 2 nm). At 110 °C, a-relaxation can take place and the
amorphous phase is relatively mobile. Apparently, this allows for accelerated lamellar
growth in comparison with the evolution monitored at room temperature. Although
iPP-4 and iPP-6 are different from the grades used to investigate the effect of aging at
room temperature, the observed behavior is general for different molecular weights and
comonomer contents.

Based on X-ray and in terms of the deformation mechanisms presented in sec. 5.3.1,
one could remark that the low temperature treatment affects the inter-lamellar o,
relaxation mechanism, whereas the high temperature treatment works on the intra-
lamellar deformation mechanism. This latter one is assigned to secondary crystallization,
i.e. lamellar perfectioning and lamellar growth. The intra-lamellar deformation
mechanism is strongly connected to the constrained amorphous domains, considered to
be in a low mobility or glassy state below the a, temperature.
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Figure 5.12: The evolution as a result of aging at 110 °C of a) the linear crystallinity, b) the long
period, c) the lamellar thickness and d) the amorphous layer thickness as a function
of aging time.

5.3.3 Life-time predictions

To predict the time-to-failure as a function of loading conditions with the modified Ree-
Eyring equation, eq. (5.6), the concept of critical strain is used. In this approach, the yield
kinetics determined with constant rate experiments at variable temperatures, are employed
to estimate the rate of accumulation of plastic deformation. The concept is based on the
observation that the time-to-failure multiplied with the plastic flow rate in the secondary
creep regime is constant:

ttf(o) - éu(o) =C (5.7)

The constant in this equation is interpreted as a critical strain €., that can be determined
from a single creep test. A combination of eq. (5.6) and eq. (5.7) can then be used to
predict the time-to-failure, since the steady state reached at the yield point is identical
to the steady state reached in secondary creep [117]. From eq. (5.7) it follows that
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the application of a high load results in a short time-to failure and vice versa, which
means that in order to measure the failure time at a relatively low stress a large time
is required; note that the time is on a logarithmic scale. Self-evidently, the two distinct
molecular mechanisms revealed in the deformation kinetics are also observed in the stress
dependence of the time-to-failure. In ISO9080, this distinction is not made, although the
time-temperature-superposition is fitted on data collected in both regimes. A careful look
at the ductile failure data presented in Figure (5.1), shows that the data at high temperature
does not match the fittings. Indeed, this leads to poor descriptions and may corrupt the
validity of the time-to-failure predictions. Furthermore, it makes the procedure sensitive
for the time-to-failure regime in which the certification data is collected.

To validate the life-time predictions based on the concept of critical strain, creep
experiments are performed. Typical results of these experiments are shown in Figure
(5.13a), where creep curves of experiments performed at room temperature are shown.
Obviously, for increasing loads the time-to-failure decreases. After the application of the
load (10 seconds) the different creep regimes can clearly be distinguished. Primary creep
follows directly after loading the sample, followed by steady secondary creep. After the
specimen accumulated a certain amount of plastic strain it enters the tertiary creep regime,
followed by failure. These curves can be used to obtain so-called Sherby-Dorn plots, see
Figure (5.13b) [161], in which the plastic flow rate is plotted as a function of the strain.
The minimum in these plots represents the steady plastic flow rate é,;, used in eq. (5.7).
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Figure 5.13: a) An example of a typical creep response obtained from creep experiments
performed on iPP-3 at various stress levels and a temperature of 23°C. b) The
corresponding Sherby-Dorn plots.

The plastic flow rates, obtained from the creep curves of samples subjected to various
loads at temperatures of 23°C, 50°C, 80°C and 110°C, are plotted as a function of the
corresponding time-to-failure, see Figure (5.14a). To meet the requirements to fulfill the
concept of critical strain, the data have to follow a linear relation with a slope of -1, on
a double logarithmic plot. However, two problems may occur. Firstly, the concept of
critical strain only applies when all Eyring parameters remain constant. Due to annealing
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and the corresponding evolution of structure and properties in the long experiments, this
requirement cannot be fulfilled. An increasing lamellar thickness, as observed in Figure
(5.12), directly translates to a decreasing rate constant ¢y [98]. This can be incorporated in
the model by making €, (¢), but requires much more experiments [162,163]. Additionally,
as can be seen from Figure (5.14a), some data-points deviate from the relation crucial for
the application of the concept of critical strain. Here, failure occurs sooner than expected.
These are specifically the experiments that show brittle failure on a macroscopic scale.
When plotting the applied stress as a function of the time-to-failure, depicted in Figure
(5.14b), the samples that fail brittle, are found at high temperatures (80°C and 110°C) and
(relatively) large time-to-failure.
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Figure 5.14: a) The plastic flow rate of iPP-3, obtained from Sherby-Dorn plots, corresponding
to creep experiments performed at various temperatures and stresses plotted as a
function of the time-to-failure. b) The corresponding plot of the failure kinetics.
Open markers represent the samples that displayed ductile macroscopic failure.
Closed markers represent samples that failed brittle and the lines are guides to the
eye.

Based on the deformation kinetics, it is clear that a transition from one failure mechanism
to another takes place. This corresponds to the change in failure mode, observed in
the certification data, see Figure (5.2), where at large time scales a regime is entered
in which brittle failure, mixed failure and weeping coexist. The transition from ductile
failure towards brittle failure, i.e. the 'mechanical knee’, is interpreted as the transition
from a plasticity controlled mechanism to crack growth controlled failure. Due to
material inhomogeneities, stress or strain concentrations develop, eventually leading to
the formation of a cavity. This cavity can grow over time until a sample or product fails.
Therefore, the time-to-failure in the case of fatigue crack growth, depends on the crack
propagation rate. Experimental studies have shown that this rate can be significantly
accelerated by the application of cyclic loading conditions. In cyclic loading conditions,
the maximum load, the minimum load, the amplitude and the frequency can be varied.
Here, the load maximum is plotted. The frequency is chosen at 1 [Hz] and the minimal
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load level is chosen at one tenth of the load maximum (load ratio R=0.1). Static and
dynamic loading conditions are visualized in Figure (5.15a). Application of static or
cyclic loading conditions affects plasticity controlled failure and crack growth controlled
failure in a different way. Plasticity controlled failure is the result of an accumulation of a
critical amount of plastic strain, which is directly proportional to the integral of the applied
stress as a function of time. Therefore, when defined as in Figure (5.15a), in plasticity
controlled failure it always takes longer to accumulate the critical amount of plastic strain
in the case of cyclic loading. In contrast, due to an increased crack propagation rate as
a result of cyclic loading, the crack growth controlled failure mechanism shifts towards
lower time-to-failure. As a result, additionally to static loading, cyclic loading can be
used to distinguish between the different mechanisms and, moreover, to accelerate crack
growth [3].

stati.c I: plasticity stati'c
cyclic controlled failure cyclic
3 o
o 5% II: crack growth
ke controlled failure
time [s] log(ttf)
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Figure 5.15: a) Schematic representation of static and cyclic loading conditions and b) the
expected behavior resulting from these loading conditions.

In Figure (5.16) a comparison is made between the time-to-failure obtained from static
and cyclic experiments, performed at various stress and a temperature of 80°C. The
stresses plotted for cyclic loading correspond to the maximum stress. Remarkably, the
brittle failure is not accelerated by cyclic loading. In fact, it is even postponed to longer
failure times, similar to failure in the plasticity controlled failure regime. This is an
interesting observation from which it can be concluded that the failure mechanism in
the brittle regime is not crack growth, but rather a plasticity controlled phenomenon.
An optical investigation of failed samples (iPP-2) displays a kind of behavior that is
general for the iPP tested in this study at high temperature, where the brittle failure is
observed. A selection of tensile specimens, used for the creep experiments performed
at 80°C and tested at different stress levels, is depicted in Figure (5.17). In this picture,
from right to left, failed samples are shown after being loaded at stresses ranging from
7 to 13 MPa respectively (with steps of 1 MPa). Interestingly, the amount of whitening
observed in the samples initially increases with the life time, and thus decreasing level
of applied stress. Subsequently, after the transition from ductile to brittle failure the
opposite trend is observed, and the amount of whitening decreases with increasing life-
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time. The dimensions of the crazes become so large at low stress levels, that they are
macroscopically observable.
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Figure 5.16: Experimentally obtained time-to-failure measured on iPP-3 at a temperature of
80°C. Open markers represent the samples that displayed ductile macroscopic
failure. Closed markers represent samples that failed brittle.
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Figure 5.17: A picture of failed iPP-2 samples after creep experiments performed at 80°C.

To obtain a better insight in the phenomena taking place in the whitened regions, SEM
images were taken on samples (iPP-3) subjected to dynamic creep loads with a maximum
stress level of 13 and 14 MPa at a temperature of 80°C. The SEM pictures, shown in
Figure (5.18), allow for visual inspection of the crazes. The dynamic creep loading
direction was horizontal. All the SEM images of the iPP samples, loaded at 80°C with a
cyclic load maximum of 13 and 14 MPa, reveal multiple crazing. From Figure (5.18a),
it becomes clear that the a large amount of craze like entities is formed perpendicular
to the loading direction. Further magnification, Figure (5.18b) to Figure (5.18d), shows
that the crazes are full of load bearing fibrillar structures. These fibrils have diameters
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in the order of 1 um, which is orders of magnitude larger than crazing observed in other
materials, e.g. in polystyrene, were the fibrils are typically 2-3 nm. In the latter case the
fibrils consist of 5-10 chains that, upon deformation, disentangle or break up due to chain
scission. For polypropylene on the other hand, it is demonstrated in Figure (5.18¢e) and
Figure (5.18f), that the fibrillar structures remain stable and able to carry load for a long
time. After large plastic deformation fibers break up, initiating a crack. An interesting
observation is that the crack propagates straight through the spherulites. Eventually, these
cracks become fatal and cause failure of the sample.

The time to form a craze, that grows substantially large and than initiates the formation of
a pre-crack, is much larger than the time required for the pre-crack to become critical.
Therefore, this macroscopically brittle process is regarded to be plasticity controlled,
similar to the macroscopically ductile mechanisms. After all, the formation of crazes
and the fibrillar structures is a plastic phenomenon, rather different for crack without load
bearing capacity. The kinetics, on the other hand, differ from the plastic events observed
for ductile failure.

This observations presented above rigorously changes the interpretation of the mechanical
behavior, since it does not represent a transition from plasticity controlled failure to crack
growth controlled failure, but rather a transition from one plastic phenomenon to the other.
The brittle failure mechanism is governed by the appearance and coalescence or growth
of crazes, causing the most intense whitening of the sample around the ductile-to-brittle
transition. In this transition region, a mixed failure mechanism is observed. Weeping,
observed around the ductile-brittle transition in pressurized pipe testing, could be a result
of the formation of cavities or craze-like structures that subsequently grow and coalesce.
Ultimately, these cavities could percolate, resulting in weeping pipes.

5.3.4 Lifetime improvement

Micro structural features that affect the yield kinetics are known to have a similar
influence on the life-time in the plasticity controlled failure regime. An increase in
crystallinity and lamellar thickness, or a decrease in the defect density, results in a higher
yield stress. This increased yield stress is directly reflected in the time-to-failure. Since
it is also found that the mechanical response after the so-called mechanical knee shows
plasticity controlled characteristics, it is interesting to study if the position can be affected
by changes in morphology. Typically, for crack growth controlled failure, a different
route has to be followed to improve the performance. Often this involves the chemical
architecture of the iPP-chain. For example, the usage of random copolymers or polymers
with a high molecular weight is common in load bearing applications like pipes. These
adjustments, however, negatively affect the performance in the plasticity controlled failure
regime. Here, two morphological features with a known effect on plasticity controlled
failure are investigated, to see if, and how they affect the performance of iPP, particularly
after the mechanical knee.
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Figure 5.18: SEM images of the surface of tensile bars (Figure (5.3)), subjected to dynamic
creep loads. The loading direction was horizontal. The images a) to d) show the
whitened regions at different magnifications. e) and f) show failure phenomena.

The effect of annealing

The primary goal is to find the position of the mechanical knee, and to monitor the stress
dependence before, and after this transition point. At a testing temperature of 80°C, the
change in behavior is the most clearly noticeable. An iPP-sample (iPP-2) quenched in a
compression molding machine set at 20°C, is used as a reference material. Two more sets
of test specimens were prepared for the creep tests: 1 group of tensile samples is prepared
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by annealing for 15 minutes at 120°C, and another set of samples is created by annealing
the ’as prepared samples’ for 2 days at a temperature of 120°C. The applied stress levels
and the corresponding time-to-failure are plotted in Figure (5.19). The lines in this plot
are guides to the eye and mark the level of the plasticity controlled failure. The open
markers indicate ductile failure and the crosses represent brittle samples. As expected, in
the ductile failure regime at a given failure time, the allowed applied stress level is the
highest for the sample that has been annealed the longest. The position of the mechanical
knee, however, is found at the smallest timespan for the most heavily annealed sample.
The samples that failed brittle seem to follow the same trend, and demonstrates similar
kinetics after the transition.
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Figure 5.19: The time-to-failure, measured on samples after different annealing treatments,
for macroscopically ductile failure (open markers) and brittle failure (crosses),
observed in creep experiments performed at 80°C.

The structural features that dominate the resistance against the accumulation of plastic
strain, and thus plasticity controlled failure, do not seem to affect the brittle response since
in that regime the behavior of the different specimens overlaps. The apparent absence of
a dependence on crystal features could be explained by the fact that the brittle failure
mechanism originates from the amorphous layers. These layers are hardly affected by the
applied annealing treatments.

Polymorphism

The rich polymorphism, displayed by iPP, triggers the investigation of the position of the
mechanical knee for the different polymorphs, and the behavior afterwards. In Figure
(5.20), the creep data of « (left), 8 (middle) and -iPP (right) is shown. The lines in
these figures are obtained from the Eyring equation, eq. (5.6), and the concept of critical
strain: eq. (5.7). The transition from ductile (open markers) towards brittle failure (filled
markers) is observed at the shortest timespans for v-iPP (at 80°C and 110°C), followed
by a-iPP (at 50°C, 80°C and 110°C). Remarkably, in the experimentally assessed time
scales, $-iPP displays this transition at larger times, and only at 110°C.



Results and discussion 129

40 40
oductile —-24°C o ductile —-24°C
H brittle ~50°C H brittle —omso'c
—>—-80°C | 30 —>-80°C
-0-110°C

30

[MPa]
[MPa]

20

appl
appl

0 0
100 10 10° 10° 100 10° 100 10 100 100 100 10°
time—to—failure [s] time—to—failure [s]
(a) (b)
40
O ductile —-23°C
. ——-50°C
u prittle

—0-80°C

100 10 100 10* 10° 10°

time—to—failure [s]

(c)

Figure 5.20: Time-to-failure obtained from creep experiments on a) a-iPP, b) 5-iPP and c) ~-
iPP (all iPP-3). Open markers represent ductile failure and closed markers are used
to plot brittle failure. The lines are obtained from the Eyring model: eq. (5.6).

The creep results measured at 80°C and 110°C are plotted in one graph, see Figure (5.21),
to quantitatively compare the level of brittle failure of the different polymorphs. In
this figure, the lines are guides to the eye. The applied stress level, corresponding to a
time-to-failure of for example 1000 [s], is clearly the highest for v-iPP, as is expected
from literature [119]. The postponed transition in the case of the S-polymorph causes a
cross-over in the time-to failure. This means that at relatively low stress levels the S-iPP
suddenly performs better than the a- and ~-iPP, which is exactly the opposite from the
plasticity controlled failure observed before the mechanical knee (when comparing o and
[-iPP).

From the results presented in sec. 5.3.4, it is concluded that the brittle failure mechanism
most probably originates from the amorphous network, because it is not affected by the
annealing treatments. When comparing different polymorphs, however, a remarkable
improvement is encountered in the case of [-iPP. This polymorph shows almost no
softening, and strong hardening, whereas both a- and 7-iPP show softening at all
temperatures [119]. The combination of little softening and pronounced strain hardening



130 Long term failure predictions in polypropylenes

allow delocalization of the stress. These specific properties could hinder the formation of
craze-like entities, depicted in Figure. (5.17) [164]. If this is indeed the explanation for
the improved performance of 3-iPP, it would strongly change the search for a strategy to
improve long term properties.
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Figure 5.21: A comparison of the time-to-failure measured on «-iPP, -iPP and ~-iPP
respectively, at temperatures of 80°C and 110°C (all iPP-3). The lines are guides
to the eye.

5.4 Conclusion

To study the effect of structural evolution on the performance of polypropylenes, several
materials are selected and tested at various conditions. The effect of structural evolution
is different for ductile and brittle failure. Therefore, they will be treated separately, after
which the consequences for certification procedures like ISO9080 are discussed.

In the case of ductile failure, an evolution of structure and properties is found over
the entire temperature window. Independent of the annealing and testing temperature
(if chosen equal), a linear increase of the yield stress as a function of the logarithm
of time is found. However, the molecular processes that dominate the kinetics at low
temperature (below 7, ), or at high temperature (above 7,,_), appear to be very different.
An important finding is, therefore, that a distinction has to be made between the evolution
of structure and properties in both regimes. Evolution below 7, is controlled by aging of
the constrained amorphous phase. The influence of aging on the yield stress disappears
in experiments performed above 7, , independent of the aging time. This means that
the evolution of the structure is torn down by the temperature increase. Below 7, , a
linear increase is observed as a function of the logarithm of annealing time. In contrast,
structural evolution above 7, , referred to as annealing, causes structural changes that
affect the yield stress in both temperature regimes. In both cases an increase in lamellar
thickness is found over time. After 1 month at room temperature the lamellae grew
approximately 0.5 nm in thickness. This increase is expected to mainly take place on
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the crystal-amorphous interfaces. Annealing for 4 days at 110°C resulted in an increase
of approximately 2 nm. In ISO9080 only one single time-temperature superposition is
used to describe the failure times measured at various temperatures, i.e. in a temperature
window where clearly two different molecular processes contribute to the failure kinetics.
Obviously, this superposition does not capture the proper material behavior, which
frustrates lifetime predictions. Annealing below 7, the material displays physical
aging, while above 7,, progressive annealing takes place. These are distinct processes
that govern evolution at different temperatures, meaning that the observed behavior is
incomparable.

To investigate the brittle failure mode occurring at high temperature, static and cyclic
loading conditions are used. Remarkably, it was found that cyclic loading conditions
postpone the moment of failure when compared to static loading, in the case that o,,,, was
chosen equal to the static stress (0,4 =1001n=0static). These characteristics indicate that
the brittle failure mechanism is plasticity controlled, rather than crack growth controlled.
In the SEM images multiple crazing is observed. Within these crazes stable fibrils, able
to carry loads, are found with a diameter of approximately 1 pm. Failure is initiated
when these fibrils break and the crazes form pre-cracks. The time required to form crazes
that grow and become pre-cracks is much larger than the time required for the pre-crack
to become critical. This means that the plasticity dominates this failure mechanism,
and explains the mechanically obtained results. In an attempt to extend the lifetime,
a comparison between different annealing treatments is made. It was found that the
brittle failure overlaps for all thermal histories. The mechanical knee moves towards
lower failure-times, but this is purely caused by a vertical shift of the time-to failure in
the ductile regime. Moreover, a comparison between the different polymorphs shows
that 8-iPP clearly performs better in the brittle failure regime, which is the opposite of
the performance in the ductile failure regime. Based on these findings, together with
the difference in intrinsic material response, it is suggested that the failure mechanism
originates from the amorphous network. The differences in lamellar thickness do not
influence the brittle failure, whereas the different polymorphs that each display their own
strain softening and hardening behavior, do affect the lifespan in this regime. Therefore,
product improvement should mainly be achieved by focusing at the structural features that
determine the strain softening and more important, the strain hardening of iPP, rather than
the level of the yield stress only.

In conclusion it can be stated that the highest caution is required for the application
of certification procedures such as ISO9080. One should be aware of erroneous
interpretations of the certification data, due to structural evolution prior to, and during
product lifetime. The brittle failure mechanism, although seemingly crack growth
controlled, displays plastic characteristics. Consequently, the focus for improvement of
product-performance has to be reconsidered.






Conclusions and Recommendations

6.1 Conclusions

This research is devoted to gain deeper understanding of the relation between structure
and mechanical properties of isotactic polypropylene. The main focus was on the
influence of polymorphism on the intrinsic material response and the yield and failure
kinetics.  Furthermore, the evolution of structure and properties as a function of
deformation and temperature over time, are investigated extensively. Knowledge of these
relations ultimately has to allow for predictions of mechanical performance based on the
processing conditions. However, due to the complexity of this problem, a simplified but
feasible processing-structure-property pathway, is developed as a proof of principle.

The main conclusions of this work are:

The prediction of mechanical performance of isotactic polypropylene on the basis of
processing conditions

* A non-isothermal crystallization model is combined with the 1D heat balance and
the Lauritzen Hoffman equation to calculate the lamellar thickness distribution that
forms in a compression molded plate for two different iPP grades. The only grade
specific parameters were the nucleation density, the maximum growth rate of the a-
crystals and the surface free energy. The combination of this model framework
with these equations allows for a good prediction of the processing dependent
morphology in terms of lamellar thickness.

* The empirical relation between the yield kinetics and the lamellar thickness,
observed by van Erp et al. after a systematic application of different cooling rates,
and the extensive investigation of the corresponding yield kinetics, enables the
prediction of a temperature and strain rate dependent yield stress. From the lamellar
thickness, the only morphology dependent parameter in the yield kinetics, the rate
constant, can be determined. The yield stress predictions are in good agreement
with the experimentally obtained ones.
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* Making the connection between processing, the resulting morphology and the

mechanical properties is feasible for a simplified case. By varying a few parameters
only, good results are obtained for different iPP grades. The approach offers a
promising pathway for the prediction of properties of more complicated mixed
structures in geometrically complex products.

Deformation and failure kinetics of iPP-polymorphs

* The comparison of the mechanical response of samples containing solely one of

the iPP-polymorphs, prepared from the same grade, revealed large differences in
the intrinsic material behavior. v-iPP samples show the most pronounced softening
whereas this is almost not observed in [3-iPP. The strain hardening, however, is by
far the strongest in $-iPP samples, while - and +-iPP only show a limited amount
of strain hardening.

Remarkably, despite having completely different unit cell structures the yield
kinetics in the intra-lamellar deformation regime, i.e. at high temperatures or low
strain rates, is identical for all three polymorphs in terms of activation volume. This
could be an indication that the deformation and failure kinetics in this regime are
dominated by the mobility of the helical chain conformation in the crystal lattice,
rather than the crystal slip systems. The high activation energy of v-iPP with respect
to a- and (-iPP is hypothetically explained by the crossed chain configuration in
the y-lamellae.

It is demonstrated that softening is related to the thermodynamic state of the
constrained amorphous domains. With thermal rejuvenation treatments the yield
stress and softening can be significantly reduced, whereas the hardening remains
unaffected. The effects are particularly large in y-1PP.

Deformation induced phase transitions in iPP-polymorphs

* The softening observed in the intrinsic material behavior of the iPP-polymorphs is

not related to deformation induced melting of crystals. From in-situ compression
experiments, combined with advanced X-ray techniques, a similar decreasing trend
of the crystallinity level is found in all iPP-polymorphs at the same strain levels.
The large differences observed in the softening can, therefore, not be explained by
deterioration of the crystalline domains.

Upon tensile deformation at low temperatures (below 7,,), all polymorphs partially
transform to oriented mesophase and amorphous phase. This transformation is
observed mainly in the strain hardening regime. At high temperatures (above
T,), all polymorphs display a transition into oriented c-phase at high strains.
In the case of -iPP this transition is accompanied by a sudden increase of the
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lamellar thickness, suggesting that throughout the process of crystal destruction
and recrystallization, the chain segments incorporated in the crystal maintain their
helical conformation.

* The S-iPP samples show the most intense voiding at all tensile test temperatures.
The volume fraction of voids in the detectable length scale of in-situ SAXS
experiments, i.e. up to approximately 80 nm, is the highest, and increases
throughout the entire tensile experiment.

Long term failure predictions in polypropylenes

» Standardized certification procedures like ISO9080 do not correctly capture the
deformation kinetics of iPP and, therefore, the reliability of the time-temperature
superposition procedure is doubtful. The power-law, determined mainly on the data
measured at room temperature, is not representative for the behavior observed at
elevated temperatures. This leads to corrupted extrapolations.

* At any temperature, applied in certification procedures, iPP displays evolution of
structure and properties which cannot be neglected when estimating life times. This
evolution can be divided into two main subgroups: 1) Evolution below 7,,, and
2) Evolution above 7,,. Above T, , the crystalline lamellar thickness increases
significantly, causing an increase in the yield stress at all testing temperatures.
Contrary, below 7, , only a small increase is observed in lamellar thickness,
which is thought to originate from the interface layers. Only the yield stress
measured below 7, is affected by this kind of structural evolution, and exposure to
temperatures higher than 7, erases the aging phenomena.

* The brittle failure observed in certification data displays plasticity controlled
characteristics. For fatigue crack growth controlled failure, the application of cyclic
loads should led to accelerated failure, but instead, postponed failure is observed,
typical for plasticity controlled failure. Macroscopically brittle failure is initiated
when fibrils in the crazes break and form pre-cracks. The time to form these crazes,
which can grow and transform into pre-cracks, is much larger than the time required
for the pre-crack to become critical, explaining the plasticity controlled type of
behavior.

* The brittle failure mechanism cannot be postponed by tuning structural features like
an increased lamellar thickness. Processing and annealing have a limited effect, and
brittle response always overlaps. However, different polymorphs display distinct
behavior. S-iPP overrules the performance of a and y-iPP at high temperature and
large time-to-failure. This could be a consequence of the minimal strain softening
and the pronounced strain hardening observed in 3-iPP with respect to a- and y-iPP.
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6.2 Recommendations

In this thesis the relation between structure and properties, for different iPP-polymorphs,
has been investigated. This led in some cases to unexpected findings for which, based
on assumptions, explanations were given. Some interesting experiments or extended
research that could provide more solid evidence for these assumptions are discussed here.
Furthermore, some missing steps to achieve the ultimate goal of predicting performance
on the basis of processing conditions, will be raised.

The main recommendations of this work are:

* The successful pathway to predict the mechanical properties of iPP on the basis
of the processing conditions, demonstrated on a-iPP (see Chapter 2), has to be
extended to the other polymorphs. To do this, the state parameter in the Eyring
equation, i.e. the rate constant, needs to be linked to the lamellar thickness.
The most straightforward way to do this is by the preparation of Eyring plots,
measured on samples with different lamellar thickness as a result of variable applied
cooling rates. Furthermore, the influence of the hydrostatic pressure needs to
be incorporated, allowing for yield stress predictions, irrespective of the loading
geometry.

* Since in injection molded products always a mixture of isotropic domains and
highly anisotropic oriented crystalline regions is formed, the effect of orientation
on the yield stress has to be quantified for all crystal phases, similar to the work of
van Erp et al. [19] on «a-iPP. The crystallization model developed by Roozemond
et al. [14] could be used to provide the processing conditions required to obtain
oriented /3 and y-iPP. Implementation of the gained knowledge on the behavior of
multiphase and oriented iPP allows for the prediction of mechanical properties of
injection molded products.

* Asis shown particularly in Chapters 3 and 5, the evolution of structure significantly
affects the mechanical behavior. The deformation and failure kinetics evolve in
time, resulting in corrupted product life-time estimations. To properly predict life
times, these evolutions need to be captured in kinetic models, being able to describe
the mechanical properties as a function of the state or mobility they are in.

* In Chapter 4 it is hypothesized that the cross hatched structures present in - and
~v-iPP could cause the softening observed in the intrinsic material response above
T, .. An interesting investigation would be to see whether this is the case or not.
Compression experiments on «-iPP, prepared according to a specifically chosen
temperature and pressure history [77], resulting in «-iPP without cross-hatched
structures, allow for experimental evidence of this hypothesis.
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* The pronounced hardening observed in the intrinsic material behavior of 3-iPP
(Chapter 3 and 4), is thought to partially be an explanation for the improved
performance observed in the brittle failure regime (Chapter 5). A possible
explanation for the pronounced hardening is the strongly accelerated crystallization
kinetics as a result of the [-specific nucleation agent, used to obtain [-iPP. If
this is indeed the case, it would be of great interest to see whether or not the
strain hardening can be further improved by instantaneous crystallization, resulting
from a sudden pressure increase applied on the polymer melt (and therewith
the accompanying increase of the under-cooling). If these samples indeed show
stronger strain hardening, they should also be tested in tensile creep experiments
to reveal the relation between hardening and the brittle plasticity dominated failure
behavior. This approach could offer a good route towards enhanced (long term)
properties via structure tuning.

* The results in Chapter S do not exclude the possibility of aging and rejuvenation
as a result of a temperature dependent increase of the amount of Reneker defects
[165]. The observed evolution phenomena at low temperature are often considered
to be caused by physical aging of the constrained amorphous phase. However,
the findings presented in the structural evolution observed in X-ray experiments
indicate that an explanation in terms of Reneker defects can also be a possibility.
Therefore, it is interesting to investigate this hypothesis further. If the latter
explanation is true, physical aging would yield a change in 7,  (towards higher
T upon aging). However, due to the shape of the DMTA curves it is difficult to
determine the real peak position and, consequently, other techniques like NMR
should be considered.
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Samenvatting

Isotactisch polypropeen (iPP) is een goedkoop semi-kristallijn polymeer, dat makkelijk
te verwerken is en een brede variéteit aan eigenschappen heeft. Hierdoor wordt het in
vele verschillende toegepassingen gebruikt. De producten worden typisch vervaardigd
door middel van processen zoals spuitgieten en extrusie. Onafhankelijk van de gebruikte
techniek zijn de tijdens het productieproces opgelegde condities zoals temperatuur,
koelsnelheid, druk en stroming, van doorslaggevend belang voor de morfologie die
gevormd wordt tijdens het stollen. De gevormde structuren op zowel de micro als
de nanoschaal bepalen in grote mate de mechanische eigenschappen, waaronder de
vloeikinetiek. =~ Daarnaast ontstaan onder bepaalde belastingcondities holtes in het
materiaal, die op hun beurt ook invloed uitoefenen op het mechanisch materiaal gedrag.
Op de nanometerschaal is de dikte van de kristallijne gebieden van belang, terwijl op de
A-lengteschaal de kristallografische eenheids cell de eigenschappen domineert.

Het doel van dit project is om bij te dragen aan een methodologie die het mogelijk maakt
om de mechanische eigenschappen van polymere producten direct te evalueren op basis
van morfologische eigenschappen, voortkomend uit simulaties van het fabricageproces.
In het specifieke geval van isotactisch polypropeen komt de complexiteit van dit probleem
voort uit het rijke polymorfisme, en de variéteit aan morfologieen, die het materiaal
kan vertonen. Daarnaast kunnen de morfologie en de bijbehorende mechanische
eigenschappen sterk afthangen van de positie binnen het product.

Om de aanpak te demonstreren is eerst een versimpeld maar uitvoerbaar probleem
gedefinieerd. Hierin wordt slechts een enkele kristalfase beschouwd, de monokliene
a-fase, waarna de invloed van een variabele thermische geschiedenis is onderzocht.
De hieruit resulterende heterogene morfologie is voorspeld met een kristallisatiemodel,
ontwikkeld binnen de Polymeer Technologie groep. Structurele eigenschappen, zoals de
lokale distributie van de kristal dikte volgen uit het model, en zijn daarna gebruikt om de
vloeikinetiek te voorspellen. Een vergelijking met de experimenteel verkregen resultaten
laat goede overeenkomst zien, waarmee gedemonstreerd is dat deze aanpak werkt.

Omdat het probleem zo complex is zijn vervolgens deelproblemen gedefinieerd,
die los van elkaar systematisch zijn onderzocht. Een zorgvuldige selectie van de
verwerkingscondities faciliteert het onderzoek van proefstukken die slechts een enkel
type kristalstructuur bevatten. Hierdoor kunnen de individuele vloei- en faalkinetieken
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blootgelegd worden. Het mechanische gedrag van deze verschillende polymorfen is
vervolgens succesvol gemodelleerd, en de voorspelde faaltijden als functie van de
belastingscondities zijn experimenteel gevalideerd voor zowel a-, 3- en v-iPP. Hoewel de
structuren van de bijbehorende eenheids cellen volledig verschillend zijn, zijn er enkele
opmerkelijke overeenkomsten gevonden. De kinetiek die geobserveerd is boven de a.-
relaxatie temperatuur is hetzelfde voor alle polymorfen. Boven deze temperatuur kunnen
de deels in bewegingsvrijheid beperkte amorfe domeinen, die zicht dicht bij de kristallen
bevinden, thermisch verjongd worden.

Vervolgens is ook de evolutie van de structuur, zoals die plaatsvindt tijdens mechanisch
belasten, uitgebreid onderzocht. Dit is hoofdzakelijk gedaan door rontgen experimenten
uit te voeren gelijktijdig met het deformatieproces (bij de European Synchrotron and
Radiation Facility (ESRF) in Grenoble) als gevolg van uniaxiale rek- en drukproeven.
De veranderingen in de structuur die plaatsvinden in «-, - en ~-iPP zijn daarmee
aan het licht gebracht. Evolutie in de zin van fase overgangen, kristalliniteits afname
en lamel dikte verandering, als ook het ontstaan van caviteiten, is gekoppeld aan het
intrinsieke materiaal gedrag, verkregen met behulp van de mechanische experimenten.
Bij alle verstrekkingstemperaturen neemt de kristalliniteit af als gevolg van deformatie
en, afhankelijk van de temperatuur, worden verschillende nieuwe structuren gevormd.
Verstrekken op lage temperaturen leidt tot de afbraak van kristallen en de formatie
van georienteerde mesofase, onafhankelijk van de initi€le kristal structuur. Op hoge
temperaturen, boven de 7'a., transformeren alle polymorfen in georienteerd a-iPP. Kleine
hoeveelheden van de initiele structuur blijven behouden in het materiaal. De compressie
experimenten, waar lokalisatie fenomenen zijn uitgesloten, laten bovendien zien dat
deze transformaties plaatsvinden op vergelijkbare rekken voor alle onderzochte kristal
structuren. De vorming van caviteiten wordt duidelijk waargenomen voordat het materiaal
vloeit, en is het meest intens in het geval van 3-iPP.

De verkregen kennis van het morfologie athankelijke intrinsieke materiaalgedrag, de
vloei- en faalkinetiek, en de structuurontwikkeling als gevolg van deformatie zijn
gebruikt om een gestandaardiseerde certificatie procedure voor polymere producten te
onderzoeken. Tijdsathankelijk gedrag, dat typisch is voor dit soort materialen, voedt
de behoefte aan certificatie data van bepaalde producten die worden onderworpen aan
belastingen. Een veelgebruikte methode om in deze behoefte te voorzien, in dit specifieke
geval voor het voorspellen van de levensduur van kunstof buizen, is gedefinieerd
in ISO9080. Hierin wordt gebruik gemaakt van tijd-temperatuur-superpositie. Er
worden echter ook enkele belangrijke eigenschappen over het hoofd gezien, zoals de
aanwezigheid van verschillende deformatie mechanismen en de evolutie van structuur
en eigenschappen. De tekortkomingen van de certificeringsprocedure laten zien dat
een goede en betrouwbare levensduurvoorspelling een uitbreiding van de methode
vereist. Twee verschillende types van structuur evolutie die plaats kunnen vinden in
toepassingen (zoals kunstof buizen) zijn onthuld, en de verradelijke effecten die dit op
de levensduurvoorspellingen heeft worden bediscussieerd. Bovendien is aangetoond
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dat het brosse faalmechanisme verkeerd wordt geinterpreteerd. In werkelijkheid is dit
mechanisme plasticiteits gedomineerd en volgt het slechts een andere kinetiek. Dit biedt
nieuwe inzichten in de structuur-eigenschappen relatie in iPP, en verandert de route die
gevolgd moet worden om de (mechanische) eigenschappen te verbeteren aan de hand van
het beinvloeden van de structuur.
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