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Summary

This thesis is composed of six papers in the field of deformation and failure of polymer
glasses. Prediction of deformation and failure behaviour of polymers has become very
important. In the last two decades considerable effort is addressed to the development
of 3D constitutive models that were able to capture the visco-elastic and post-yield be-
haviour of glassy polymers. The compressible Leonov model, as developed in our group,
proved to be a suitable model which provides an adequate description of this behaviour,
including rate- and temperature-dependent yield, strain softening and strain hardening.
However a failure criterion is still lacking.
Previous studies indicated that macroscopic deformation behaviour is dominated by the
intrinsic post-yield behaviour. Improving the ductility should hence focus on avoiding
localisation of strain by elimating strain softening and promoting the contribution of the
strain hardening. Although it is quite well established that strain hardening originates
from the contribution of the entangled polymer network, the high strain hardening mo-
dulus compared to the rubber-modulus and its temperature dependence requires further
investigation. The physical origin of strain softening is less well known, although it is
reported that strain softening can be altered by thermal treatments and can even be
eliminated by mechanical rejuvenation. The limited resistance to void nucleation and
the build-up of high dilative stresses under certain loading conditions, show that de-
creasing strain softening and increasing strain hardening are not sufficient to achieve
tough deformation behaviour. To circumvent these problems heterogeneity should be
introduced in the structure to relieve the build-up of high hydrostatic stresses. For mate-
rials like polycarbonate and polyamide this results in a transition from crazing to shear
yielding. For polystyrene this is only the case if the thickness of the ligaments within
the structure are sufficiently small. The concept of a critical thickness suggests that
an absolute length-scale is encountered. An absolute length-scale of the same order of
magnitude as is found in mechanical tests, is also reported in polymer physics where a
Tg-depression is found in thin polystyrene films.
In chapter 2 the influence of the network density on the strain hardening modulus is
investigated. An increase in network density of polystyrene, achieved by cross-linking
and blending with polyphenylene oxide results in a proportional increase in strain har-
dening modulus. It is discussed that the maginitude of the strain hardening modulus
and its negative temperature dependence might orginate from the time-scale of the
stress-induced segmental mobility and that, on this time-scale, the secondary interac-
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tions still play a significant role.
The transient deformation behaviour of mechanically rejuvenated polstyrene in studied
in chapter 3. Although the recovery of yield stress and strain softening is independent
of the molecular weight, the time to re-embrittlement proves to increase with increas-
ing molecular weight. This is rationalised by the fact that the tensile strength of the
material, and hence the recovered yield stress at which this strength is exceeded in a
localised plastic zone, depends on the molecular weight.
The post-yield behaviour dominates the macroscopic deformation behaviour of amor-
phous polymers. In chapter 4 it is shown that polycarbonate with its moderate strain
softening and strong strain hardening results is stable neck growth during deformation.
By annealing the strain softening increases, leading to more severe localisation of strain
and even brittle failure. The deformation mode can be be predicted in a straight-forward
manner using a stability analysis. The pronounced strain softening and weak strain har-
dening of polystyrene lead to extreme localisation of strain and explain that standard
polystyrene can never be ductile. Elimination of strain softening by mechanical reju-
venation inhibits localisation of strain and results in (temporary) ductile deformation
behaviour. Additional finite element simulations illustrate the route to improve ductil-
ity.
Since a failure criterion was still lacking in the finite element simulations employing the
compressible Leonov model, micro-indentation experiments are used to generate crazes
in a reproducible way. By evaluation of the local stress and strain distribution by finite
element simulations, a critical hydrostatic stress of 40 MPa was found in polystyrene
(provided that this event is preceded by plastic deformation) as a criterion for void nu-
cleation. This criterion proved to be independent of thermal history and strain rate but
proved to increase with network density.
By means of micro- and nano-indenations on polystyrene the influence of an absolute
length-scale, as reported in other areas of polymer science, is investigated. For large
indenters and indentation depth the experiments compare well to the length-scale in-
dependent finite element simulations, using bulk properties. For the smallest indenter
(2.2 �m) and shallow indentation depth (100 nm) the resistance to indentation is much
less than expected from the simulations, indicating that the mechanical properties near
a free surface in polystyrene might differ from the bulk properties.
Using the criterion for void nucleation, as identified in chapter 5, brittle-to-ductile tran-
sitions (BDTs) were predicted by the deformation of a representative volume element
(RVE). By increasing the temperature in the RVE, the overall stress level lowers in such
a way that at 70ÆC the critical level of 40 MPa is not exceeded anymore in the simula-
tions and hence a transition from crazing to shear yielding is achieved in polystyrene.
The length-scale which is encountered experimentally and numerically in chapter 6 was
incorporated in the RVE by assuming a gradient of increased temperature near free sur-
faces. At an interparicle distance of less than approximately 15 nm the critical value of
40 MPa is not exceeded anymore and crazing is hence inhibited. Both brittle-to-ductile
transition compare well to experimental observations.
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Introduction

General introduction

With their ease of processing and fair mechanical and thermal properties, polymers offer
an attractive compromise in many structural applications. Nowadays, numerical meth-
ods, like finite elements simulations, are commonly used in designing and optimising
such applications. The reliability and suitability of numerical methods is determined by
their ability to capture experimentally observed phenomena, giving understanding and
yielding predictive capability.
In the past 15 years, considerable effort was directed towards the numerical simulation
of deformation phenomena in polymers. The development of 3D constitutive models
that were able to capture the non-linear visco-elastic and post-yield behaviour of glassy
polymers started of with the work of Boyce and co-workers at MIT [1–4]. Her work
was later followed by contributions of the group of van der Giessen [5, 6] and our
group [7–15]. Tervoort et al. [7] developed the compressible Leonov model, a three
dimensional constitutive equation which combines the the non-linear visco-elastic be-
haviour of an Eyring dashpot with the strain hardening behaviour of a neo-Hookean
spring. Govaert et al. [8] extended this model by incorporating intrinsic strain softe-
ning, following the work of Hasan et al. [2]. This model is capable of describing the in-
trinsic deformation behaviour, including rate- and temperature dependent yield, strain
softening and strain hardening, of glassy polymers like polystyrene, polycarbonate and
polymethylmethacrylate under various loading conditions [8,9].
A interesting application of the model is to use it in predicting the deformation be-
haviour of heterogeneous polymer systems, like e.g. polymer/rubber blends. Numerical
studies on the evolution of deformation in micro-structures of various compositions are
now well within reach and their consequences for macroscopic deformation behaviour
is understood (see for instance the work of Smit et al. [13–15]. Application of this
knowledge and understanding offers new opportunities for fast material evaluation and
gives unique guidelines for further polymer development.
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Limitations in applications of polymers often involves their low strain to break and im-
pact toughness and hence a vast amount of experimental and numerical research was
conducted in this area. Smit [15] proposed that toughness can only be improved, apart
from by introducing heterogeneity to avoid crazing, by influencing the intrinsic post-
yield behaviour; either by reducing strain softening, which does reduce the tendency
for strain localisation, or by increasing the contribution of strain hardening which has
a stabilising effect on the deformation behaviour. To influence those properties that
are determined by processes on the molecular scale, a thorough knowledge of these
processes is required. It is quite well established that strain hardening involves the
cross-linked or entangled polymer network which is loaded at large strains. The exact
relation between network density and strain hardening modulus is, however, still sub-
ject of discussion.
The physical origin of strain softening is much less established. It is known that it is
dominated by the secondary interactions between polymer chains and hence influenced
by temperature and strain rate in a similar way as the yield stress. Moreover, strain
softening is known to be closely related to physical ageing. This can be witnessed from
the fact that by thermal treatments (quenching and annealing) the amount of strain
softening can be altered [16] and by mechanical treatments the strain softening can
even be eliminated [17].
However, moderate strain softening and strong strain hardening does not imply tough
deformation behaviour under all loading conditions. A well known example is the
notch-brittleness of polycarbonate. Due to the confined development of the plastic zone
underneath a notch, a build-up of high dilative stresses takes place in this region. At a
sufficiently high hydrostatic stress, voids can nucleate in such a localised plastic zone
which ultimately lead to crazing and macroscopic brittle failure. In polystyrene similar
events can happen underneath a defect, making this polymer a brittle material.
For long it is recognised that the incorporation of a dispersed rubbery phase can relieve
the build-up a high hydrostatic stresses within a structure, albeit on the expense of mo-
dulus and yield stress. This results in a transition from crazing to shear yielding and thus
tough deformation behaviour in for instance polycarbonate and polyamide. For polysty-
rene, e.g high-impact polystyrene (HIPS), this ultimate mechanism is not reached and
here the enhanced impact toughness is a result of the increase in the material volume
participating in the deformation, by a process called multiple crazing, rather than the
inhibition of crazing [18–20].
Wu [21] (for semi-crystalline) and van der Sanden [22] (for glassy polymers) proposed
that a transition from crazing to shear yielding takes place if the ligaments within a
filled polymer systems and the thickness in layered structures are reduced to below a
critical value. Experimentally the existence of such a transition was found by van der
Sanden [23] for highly filled polystyrene.
The concept of a critical interparticle distance relies on the explanation that an abso-
lute length-scale is met in the material. Recently, also direct experimental evidence is
reported on the existence of an absolute length-scale, and in thin polystyrene films a re-
duction of the glass-transition temperature (Tg) was found [24–26]. This phenomenon
is rationalised by an enhanced segmental mobility of polymer chains near a free surface.
This enhanced segmental mobility could, similar to thermally enhanced segmental mo-
bility, induce in a reduction in yield stress and strain softening and result in more stable
deformation behaviour.
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Survey of this thesis

This thesis is composed of six chapters. The first two chapters investigate the intrinsic
post-yield behaviour, with the emphasise on the influence of network density on strain
hardening and the recovery of strain softening and its consequences the macroscopic
deformation behaviour.
In chapter 2 the network density of polystyrene is increased by cross-linking and blend-
ing with polyphenylene oxide. By means of dynamic mechanical thermal analysis
(DMTA) the network density is derived and compared to the strain hardening modu-
lus measured in uniaxial compression tests. Moreover the influence of temperature on
the strain hardening modulus is studied and discussed.
In chapter 3 the deformation of polystyrene after mechanical rejuvenation is investi-
gated. Recovery of strain softening after mechanical rejuvenation and the temporary
nature of the ductility enhancement are studied. The obvious question whether me-
chanical rejuvenation can be regarded as the ultimate thermal rejuvenation is inves-
tigated by analysing the creep behaviour of mechanically and thermally rejuvenated
materials. All the experiments were performed on 3 grades of polystyrene with various
molecular-weight distributions.
Next the consequences of intrinsic post-yield behaviour for the macroscopic deforma-
tion behaviour are demonstrated in chapter 4. Two (extreme) materials, polystyrene
with a pronounced strain softening and weak strain hardening and polycarbonate with
a moderate strain softening and strong strain hardening, are investigated by finite el-
ement simulations of a uniaxial tensile test. Thermo-mechanical treatments are used
to tailor the amount of strain softening and monitor the influence on the macroscopic
deformation. The necking process is analysed using a stability analysis analogous to the
analysis proposed by Haward [27]. To conclude this chapter, finite element simulations
are used to demonstrate to effect of temperature and incorporation of a rubbery phase
on the deformation.
Although the compressible Leonov model in combination with finite element simula-
tions [8, 13–15, 28] provide an excellent tool to study localisation of strain during de-
formation, a criterion to distinguish the onset of crazing and hence to predict brittle
failure is still lacking. Therefore a craze initiation criterion is identified in chapter 5.
By means of micro indentation, crazes are generated in a reproducible way. The local
stress and strain distribution is evaluated by means of finite element simulations and
used to identity a critical hydrostatic stress-based criterion for the nucleation of voids.
This criterion is validated by investigating its dependence on thermal history, strain rate
and network density.
The absolute length-scale, which is encountered in various fields of polymer engineer-
ing, is studied in chapter 6. Micro- and nano indentations, performed on distinct scales
(mm to nm), are used to determine the force-displacement curves which are subse-
quently compared to finite element simulations of this test. The existence of an absolute
length-scale could be confirmed.
Finally, in chapter 7, finite element simulations of the deformation of a representative
volume element (RVE) are performed to investigate brittle-to-ductile transitions (BDTs)
for polystyrene. The onset of crazing is evaluated using the criterion identified in chap-
ter 5. The absolute length-scale found in chapter 6 is used. Both a temperature induced
and length-scale induced BDT are indeed predicted, and are quantitatively in accor-
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dance with experimental evidence.
Chapter 8 summarises some main conclusions of all previous chapters.
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Chapter 2

Strain hardening behaviour of glassy
polymers: influence of network density

The influence of network density on the strain hardening behaviour of amor-
phous polymers is studied. The network density of poly-styrene is altered by
blending with poly(2,6-dimethyl-1,4-phenylene-oxide) and by cross-linking
during polymerisation. The network density is derived from the rubber-
plateau modulus determined by Dynamic Mechanical Thermal Analysis. Sub-
sequently uniaxial compression tests are performed to obtain the intrinsic
deformation behaviour and, in particular, the strain hardening modulus. The
strain hardening modulus proves to be proportional to the network density,
irrespective of the nature of the network, i.e. physical entanglements or
chemical cross-links.

2.1 Introduction

In principle all amorphous polymers are intrinsically tough, provided that their mole-
cular weight is sufficiently high (typically 8 times the molecular weight between entan-
glements) to form a sufficiently strong entangled polymer network. However, under
certain loading conditions the macroscopic response of these materials to deformation
appears to be quite brittle, see figure 2.1a. Polystyrene (PS) and polymethylmethacry-
late (PMMA) are considered as such materials which fracture at a few percent of strain
under most loading conditions. In polystyrene crack-like defects, so-called crazes, ap-
pear in a tensile bar already in the apparent elastic region. With increasing load the
crazes, which are bridged by fibrils, open up and macroscopic fracture occurs upon the

Reproduced from:

Influence of network density on the strain hardening behaviour of glassy polymers
H.G.H. van Melick, L.E. Govaert, H.E.H. Meijer, submitted to Polymer.
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failure of these fibrils. That polystyrene is, though, intrinsically ductile can be witnessed
from the fact that these fibrils consist of highly stretched material with draw ratios close
to the maximum network draw ratio [1, 2]. Polycarbonate (PC), on the other hand, is
generally considered to be a ductile material, although it does suffer notch-brittleness.
During tensile deformation a stable neck is formed shortly after yielding. With ongoing
strain the neck grows until ductile fracture occurs at approximately 100% macroscopic
strain.

The intrinsic deformation behaviour can be determined in a test where localisation phe-
nomena like necking and crazing are absent. Two examples are a video controlled
tensile test [3] and an uniaxial compression test [4,5]. The intrinsic stress-strain curve
shows an initial (visco-) elastic region followed by yielding, intrinsic strain softening
and strain hardening. Figure 2.1b illustrates that polystyrene, polycarbonate and poly-
methylmethacrylate exhibit remarkably similar intrinsic behaviour in compression. The
initial elastic moduli equal approximately 3 GPa, the yield stresses range from 60 to
120 MPa and depend on strain rate and temperature. The main differences between
these materials are found in their post-yield behaviour: (a) the drop in true stress after
yielding (intrinsic strain softening or so-called ’yield-drop’) and (b) the slope of strain
hardening at large strains. This post-yield behaviour plays a key role in the macro-
scopic deformation behaviour in tension and determines whether a material is brittle or
ductile.
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Figure 2.1: Deformation behaviour of three well known glassy polymers in tension (a) and
compression (b).

Localisation of strain is induced by intrinsic strain softening and the evolution of this
localised plastic zone depends on the stabilising effect of the strain hardening [6]. In
polystyrene the substantial strain softening causes severe localisation of plastic strain,
which can not be stabilised sufficiently due to the low value of strain hardening mo-
dulus. With ongoing deformation, localisation grows to extremes, resulting in void
nucleation, craze formation and catastrophic failure. Polycarbonate, on the other hand,
has limited strain softening only; the localisation induced is therefore moderate and
can easily be stabilised by the stronger strain hardening. Polymethylmethacrylate has
intermediate properties which leaves it on the edge between brittle and ductile.

The dominant influence of strain softening is convincingly demonstrated by the effects
of thermal and mechanical histories on macroscopic deformation behaviour. For in-
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stance, a quenched specimen exhibits less softening than a slowly cooled specimen
in compression tests and, consequently, shows less localised deformation behaviour in
tension. Cross and Haward [7] reported uniform deformation for quenched polyvinyl-
chloride (PVC) samples, whereas slowly cooled samples exhibited necking. Various au-
thors showed that by mechanical pre-conditioning or pre-deformation, the amount of
strain softening can be reduced or even eliminated [8–11]. This pre-treatment results in
uniform deformation of a polycarbonate tensile bar [10] and can induce ductile defor-
mation behaviour of polystyrene in tension [11]. The crucial role which strain softening
plays in the localisation of strain, and hence in the macroscopic deformation behaviour,
request a thorough understanding of its molecular background. Despite research ef-
forts [8,12,13], the physical origin of strain softening is not yet fully understood. A fair
view point could be that the continuous increase in stress, with a change in slope at the
yield point where strain hardening of the polymer network takes over, like it occurs after
mechanical rejuvenation or fast quenching, is the natural response of polymers. By the
process of physical ageing, the yield stress increases which, on its turn, is accompanied
by what is measured as an increasing strain softening. Apparently further research is
necessary long this line (see discussion section of [14])

The strain hardening behaviour of amorphous and semi-crystalline polymers is studied
much more extensively. In modelling, effort has been put in numerical simulations of
large strain deformation of amorphous, glassy polymers in particular. Most constitu-
tive modelling of strain hardening behaviour is based on the concept of entanglements.
Haward and Thackray [15] proposed a constitutive equation in which both a rubber-
elastic response and finite extensibility are incorporated. This one-dimensional equation
was extended by Boyce et al. [16, 17] into a 3-D finite strain formulation, now called
the ’BPA-model’. The strain hardening response in this model is represented by a ’three
chain’ model [18]. The BPA-model was later refined by introducing a more realistic re-
presentation of the spatial distribution of molecular chains, resulting in the ’eight chain’
model [19] and the ’full chain’ model [20].
Haward [21] suggested that polymer coils do not approach a fully stretched condi-
tion and hence he proposed a neo-Hookean (Gaussian) relation. Studies of G’Sell [22]
and Haward [21, 23] showed that for various semi-crystalline polymers this relation
describes strain hardening behaviour very well. Tervoort and Govaert [24] investi-
gated this behaviour during uniform deformation of ’pre-conditioned’ polycarbonate
tensile bars. By mechanical pre-conditioning, in this case torquing of cylindrical tensile
bars to and fro over 720Æ, strain softening is eliminated and localisation of strain and
necking inhibited. In tensile the strain hardening behaviour was well described by a
neo-Hookean relation up to very high draw ratios (� = 3). The authors incorporated
subsequently a neo-Hookean description of the strain hardening behaviour in a Leonov
model [25], consisting of a linear compressible spring and an Eyring dashpot [26]. This
so-called compressible Leonov model was further extended by Govaert et al. [10] by in-
corporating intrinsic strain softening. Through finite element simulations of a necking
polycarbonate specimen they showed that limited extensibility is not a prerequisite for
stable neck-growth and that this can be simulated perfectly by an neo-Hookean relation.

In all models referred to above, strain hardening is modelled as a rubber-elastic spring,
whether or not with finite extensibility, which suggests that an entangled polymer net-
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work is involved. The physical relevance of this approach is demonstrated by the com-
plete reversibility of plastic deformation when deformed polymers are brought above
their glass transition temperature [27–30].
On the other hand, some data conflict with this entropic character. It was shown by
Boyce and Haward [31], Arruda [32] and Tervoort [33] that the strain hardening mo-
dulus tends to decrease with temperature whereas the modulus of a true entropic spring
would increase. Moreover, it was shown by Haward [15, 24] that the strain hardening
modulus is orders of magnitude larger than could be expected from the network density
determined in the melt.

This paper addresses this apparent contradiction and the role of the polymer network
in the strain hardening behaviour. For this reason the network density of polystyrene is
altered by blending with poly(2,6-dimethyl-1,4-phenylene oxide) (PPO) and by cross-
linking during bulk polymerisation. The physical and chemical polymer networks are
characterised in the rubbery state by Dynamic Mechanical Thermal Analysis (DMTA).
From the dynamic modulus (Ed) in the rubbery state, the molecular weight between
entanglements (Me) and the network density (�e) are derived. In subsequent uniax-
ial compression tests, the intrinsic deformation behaviour is determined. The slope at
large strains of the true stress-true strain curves represents the strain hardening modu-
lus (GR). Combination enables to investigate the relation between the network density
and the strain hardening modulus.
Furthermore the validity of a neo-Hookean description of strain hardening behaviour
is investigated by analytical and numerical tools, employing the previously mentioned
compressible Leonov model [26]. Finally, the effect of temperature on the strain har-
dening modulus is investigated by performing uniaxial compression tests at various
temperatures.

2.2 Materials and methods

The materials used were blends of polystyrene (Styron 638, Dow Chemical Company,
The Netherlands) and poly(2,6-dimethyl-1,4-phenylene oxide) (PPO 803, General Elec-
tric Plastics, The Netherlands), and polystyrene cross-linked during polymerisation.
These materials will be referred to as PS/PPO and XPS. Six blends of PS/PPO were
compounded by General Electric Plastics, containing respectively 0, 20, 40, 60, 80, and
100% PPO. The granular material was compression moulded, step-wise, into plates of
various thicknesses. Apart from pure PPO, for which a temperature of 260ÆC was used
to prevent degradation, all material were pre-heated in a mould of 160x160 mm2 at
80ÆC above their glass-transition temperature (Tg) for 15 minutes and subsequently
compressed in the mould in 5 steps of increasing force (up to 300 kN) during 5 min-
utes. In between these steps, the pressure was released to allow for degassing. Next
the mould was placed into a cold press and cooled to room temperature at a mod-
erate force (100 kN). Rectangular samples used for DMTA were machined from a 1
mm thick plate with final dimensions of 30x4x1 mm3. From thick plates (160x160x9
mm3) rectangular bars with a cross-section of 9x9 mm2 were cut, which were machined
into cylindrical samples (?6 mm x6 mm) that were used in the uniaxial compression
tests. Cross-linked polystyrene was prepared by bulk-polymerisation of styrene (Aldrich
Chemical Company, The Netherlands) and various amounts of cross-linking agent (di-
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(ethyl glycol)-dimethacrylate, DEGDMA; also from Aldrich). Amounts of 0, 2, 3, 4, and
5% DEGDMA were added to styrene in small glass tubes (?7 mm x70 mm). Further-
more small amounts of initiator (tret-butyl proxy benzoate, Trigonox-C, Lamers and
Plueger, The Netherlands) and chain transfer agent (dodecanethiol-98%, Aldrich) were
added to obtain a desired molecular weight. After filling the tubes, the mixture was
fluxed with argon gas to remove the oxygen and were sealed off to prevent evapora-
tion of styrene. Next they were placed in a temperature-controlled silicon-oil bath from
which the temperature was slowly raised from 85ÆC to 110ÆC in 5 steps of 5ÆC and
one day duration each. This temperature profile was chosen to avoid auto-acceleration
at low conversion rates and to enhance mobility during the propagation stage. After-
wards, the materials were post-cured (without cap) at 120ÆC (well above Tg) for 2 days
to terminate all reactions and remove all remaining unused monomer. Both DMTA and
compression samples were machined from these bars.
DMTA was performed on a Rheometrics Scientific MKIII Dynamic Analyser. A tempera-
ture sweep (from room temperature to 250ÆC) was used during a dynamic test (tensile
setup) at 1Hz in order to determine the dynamic modulus (Ed) and the tangent of the
phase lag (tan (Æ)).
Compression tests were performed on a servo-hydraulic MTS Elastomer Testing System
810. Cylindrical specimens were compressed at a constant logarithmic strain rate of
10�2s�1 between two parallel, flat steel plates. The friction between the sample and
steel plates was reduced by an empirically optimised method: onto the sample a thin
film of PTFE tape (3M 5480, PTFE skived film tape) was applied and the surface be-
tween steel and tape was lubricated by a soap-water mixture. During the compression
test no bulging or buckling of the sample was observed, indicating that the friction was
sufficiently reduced. The relative displacement of the steel plates was recorded by an In-
stron (2630-111) extensometer. Both displacement and force were recorded by data ac-
quisition at an appropriate sample-frequency (depending on strain rate). This sampling
frequency was adjusted in such a way that a least 1000 data points were collected per
test. The setup for the uniaxial compression tests was placed in a temperature chamber
with liquid-nitrogen cooling of which the temperature could be accurately controlled
(�0.5ÆC). The tests were performed at 25, 45, 65, and 85ÆC. Approximately 15 minutes
prior to testing the sample was mounted in the setup to assure thermal equilibrium.

2.3 Results

Dynamic Mechanical Thermal Analysis

The DMTA results for PS/PPO and XPS are given in figure 2.2. The dynamic modulus
(Ed) as function of the temperature is shown in figures 2.2a and 2.2b. The PS/PPO
blends exhibit the dynamic mechanical response which is characteristic for a thermo-
plastic material; at room temperature the storage modulus is relatively high, ranging
from 2.5 GPa for PPO to 3.0 GPa for PS, and, with increasing temperature, this modulus
gradually reduces. At the glass-transition temperature (Tg) a sharp decrease in dynamic
modulus is observed, since here the polymer chains obtain full segmental mobility and
their state changes from glassy to rubbery.
The phase lag between the input and output signal (tan (Æ), see figures and 2.2cd) shows
a peak close to Tg, indicating that the contribution of the viscous part to the dynamic re-
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Figure 2.2: Results of the DMTA experiments; the dynamic modulus (Ed) and tan (Æ) as
function of temperature for PS/PPO (a and c) and XPS (b and d).

sponse is relatively high in this temperature range. With increasing temperature tan (Æ)

reduces again and the decay in modulus levels off, indicating that a more elastic re-
gion is reached, the so-called rubber plateau. In this rubber-elastic region, the polymer
chains have full mobility and the properties are determined by the entangled network.
Although the rubber plateau for thermoplastics is not as distinct as for thermosets, the
rubber plateau modulus (G0

N) is defined in this region, as the ’most elastic’ dynamic
modulus found at the minimum of tan (Æ) (see figure 2.2c and table 2.1). Upon further
heating the polymer starts to disentangle and the dynamic modulus decays further out
of the measurable range. In this temperature range the onset of a second ’viscous’ peak
is observed in tan (Æ), which indicates that the material becomes liquid-like. The rubber
plateau moduli G0

N show a continuous increase with PPO content. Values found are
similar to values reported in literature [23,34].
The Tg’s of the blends increase with increasing PPO fraction, ranging from 378K for pure
PS to 484K for pure PPO (see table 2.1), in good accordance with previously reported
data (both DSC and DMTA) on similar blends [34–37]. The fact that only one clear
glass-to-rubber transition is observed in the DMTA runs confirms that PS and PPO are
miscible on a molecular level and form a compatible mixture.

The response of the in-situ polymerised and cross-linked materials is shown in figure
2.2b and 2.2d. PS with 0% cross-linking agent behaves similar to the commercial PS,
although some minor differences in modulus and Tg can be caused from differences
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in molecular weight (distribution) [38]. The cross-linked materials behave like typical
thermoset. Above Tg a clear rubber-elastic plateau is reached due to the chemically
entangled network. At this plateau the rubber-elastic modulus is defined.

%-PPO Tg [K] Tg [K] G0

N [MPa] x-linker[%] Tg [K] G0

N [MPa]

ref. [35] @ min. tan (Æ)

0 378 378 0.16 0 362 0.15

20 393 391 0.26 2 368 0.19

40 415 410 0.49 3 372 0.31

60 435 427 0.57 4 377 0.36

80 458 449 0.66 5 383 0.51

100 484 487 0.79

Table 2.1: Glass-transition temperatures and rubber plateau moduli for the PS/PPO blends (left)
and XPS (right).

The Tg increases slightly with cross-link density from 362K for material with 0% cross-
linker to 382K for the material with 5% cross-linker and rubber-plateau modulus in-
creases with cross-link density and their values are given in table 2.1.

The rubber(-plateau) moduli, as function of PPO fraction or added amount of cross-
linker, are given in figure 2.3 (solid lines to guide the eye). At low amounts of cross-
linker the rubber modulus does not increase. A reasonable explanation would be that at
small amounts of cross-linker the additional cross-links hardly contribute to the rubber
modulus and therefore the rubber modulus departs from a plateau (see figure 2.3b).
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Figure 2.3: The rubber(-plateau) moduli as function of fraction PPO (a) and percentage
cross-linker (b).

Moduli can be transformed into network densities using the following equations [39]:

G
0

N = �r

RT

Me

(2.1)

where �r is the density of the polymer in the rubbery state, R the molar gas constant
and T the absolute temperature. The molecular weight between entanglements Me, is
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inversely proportional to the network density (�e) according to:

�e =
�gNA

Me

(2.2)

where �g is the density of the polymer in the glassy state and NA the Avogadro number.
Zoller and Hoehn [40] performed an extensive investigation of the pressure-volume-
temperature properties of PS, PPO and their blends. Their values for the specific volume
in the rubbery and glassy state are used here to calculate the network density. For XPS
the specific volume of pure PS is used.
Since the variations in density of the PS/PPO blends are small, it is reasonable to antici-
pate that the relationship between the network density and the rubber-plateau modulus
is linear. As a result the network density also proves to be proportional to the PPO con-
tent in the blends (see figure 2.4a). The solid line is the best fit on the experimental
data, while the dashed line is derived from the model Prest and Porter [41] used, which
states that the molecular weight between entanglements for PS/PPO blends, Me(�) de-
pends solely on the Me of PS and the fraction (�) PPO present in blend:

Me(�) =
Me(PS)

1 + 3:2�
(2.3)

Only at high PPO fractions some discrepancy is observed between their model and our
experimental data.
In figure 2.4b it is shown that with an increasing amount of cross-linker added during
polymerisation, the network density increases. Similar to the results of figure 2.3b the
influence of small amount of cross-linker on the network density is low and therefore
it is reasonable to assume that the network density also departs from a plateau, repre-
sented by the solid line in figure 2.4b.
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Figure 2.4: Network density as function of fraction PPO in PS/PPO (a) and added amount
of cross-linker in XPS (b).

Uniaxial compression tests

The effects of an increased network density on the post-yield behaviour was investigated
by uniaxial compression tests. Since localisation phenomena like crazing and necking
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are absent in such tests, a true stress-true strain curve is obtained, see figure 2.5. From
these results it can be concluded that the post-yield behaviour is strongly influenced
by a change in network density. For increasing network density, i.e. increasing PPO
fraction or increasing the amount of cross-linker, the strain hardening modulus clearly
rises, while the yield stress, which is mainly determined by the secondary interactions
between the polymer chains, remains largely unaffected. The fact that strain softening,
which is also governed by secondary interactions, decreases with increasing network
density must be attributed to the stabilising contribution of the polymer network, that
shows a noticeable effect at small strains. Hence the true stress can not drop as much
as in a looser network.
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Figure 2.5: Compressive behaviour of PS/PPO (a) and XPS (b) at room temperature and
at a strain rate of 10�2s�1.

From the uniaxial compression curves at large strains, the strain hardening moduli were
determined. From the strain energy function, first proposed by Mooney [42], for rubber-
elastic materials, it can be derived that the true stress is proportional to �2���1. If a neo-
Hookean description is valid for the strain hardening behaviour of these materials, the
true stress should be proportional to this strain measure. In figure 2.6a it is shown that
for the PS/PPO blends the true stress is indeed linear in �

2 � �
�1. The strain hardening

modulus is defined as the slope at large strains, which is schematically represented by
the dashed line in figure 2.6a. An identical procedure is followed to determine the strain
hardening moduli of XPS.
The validity of a neo-Hookean description of the large strain behaviour of these ma-
terials is illustrated by numerical simulations, performed with MARC (MSC Software)
employing the compressible Leonov model [10, 26, 43] with a neo-Hookean relation
representing the large strain behaviour. In figure 2.6b it is shown that the simulations
provide a good description of the uniaxial compression tests, indicating that the strain
hardening behaviour can indeed adequately be described by a neo-Hookean relation.
Finally, combining the results of the DMTA experiments and the uniaxial compression
tests yields the relation sought between the network density and the strain hardening
modulus. In the table of figure 2.7 the values for the network density and strain har-
dening modulus of the various materials are given, while in figure the strain hardening
modulus is plotted versus the network density (the open circles represent the PS/PPO
blends, the filled circles XPS). Similar to rubber-elastic behaviour the strain hardening
modulus proves to be proportional to the network density, irrespective of the nature of
the polymer network, i.e. physical entanglements or chemical cross-links.
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Figure 2.6: A neo-Hookean relation can adequately describe the strain hardening be-
haviour as is shown by analytical (a) and numerical methods (b).
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Figure 2.7: Strain hardening modulus, GR, versus the network density, �e, for all materials
investigated.

So far the experimental and numerical results indicate a neo-Hookean relation to pro-
vide an adequate description of the strain hardening behaviour of amorphous polymers.
However, as was already shown by several authors [31–33], the strain hardening mo-
dulus decreases with temperature. In figure 2.8a the strain hardening modulus of the
PS/PPO blends is given as function of temperature. Obviously the strain hardening
moduli are inversely proportional to the temperature (the lines are drawn as a guide to
the eye) and this becomes more pronounced at high PPO fractions in the blend.
Representing the strain hardening modulus as function of network density, which is a
characteristic of each blend, gives a bundle of straight lines with proportionality con-
stant c, see figure 2.8b, according to:

GR = c(T ) �e (2.4)

2.4 Discussion

In case of an entropic spring a proportionality constant equal to �RT would be expected,
and hence an increasing modulus with temperature. This clearly indicates that strain
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Figure 2.8: The strain hardening modulus, GR, for the PS/PPO blends (a) and the propor-
tionality constant, c(T ) (equation 2.4), as function of temperature.

hardening behaviour is not unambiguously of an entropic nature. As can be concluded
from figure 2.7, the strain hardening modulus is related, and even proportional, to the
rubber-plateau modulus measured in the melt. One could argue that the trend of the in-
creasing strain hardening modulus with increasing PPO content can be fully addressed
to the changes in secondary interactions caused by the differences in chemical structure
of polystyrene and polyphenylene-oxide. However, the increasing strain hardening mo-
dulus with cross-link density proves that the density of the polymer network governs
the large strain behaviour. This relationship between the strain hardening modulus and
the rubber-plateau modulus seems to suggest that these phenomena have a common
(micro-)structural background.
It is well known that in the melt, where the rubber-plateau modulus is determined,
polymer chains have full main-chain segmental mobility which is thermally induced.
The dynamic response, measured in this region, is fully dependent on the molecular
network as on this time-scale the contribution of secondary interactions is negligible.
The time and temperature dependent behaviour in this region has been subject to many
studies in the past and the validity of the reptation theory is quite well established, see
e.g. [44, 45]. The response in this region is governed by entropy elasticity and relax-
ation, which implies that both time and temperature play an important role.
During plastic deformation in the glassy state, polymer chains also obtain a certain
degree of mobility, albeit of different nature: stress-induced instead of temperature-
induced main-chain segmental mobility. That this mobility does activate a contribution
of the molecular network can be witnessed from the fact that chemical cross-linking
does have a significant effect on the strain hardening modulus and that plastic defor-
mation is fully reversible by bringing the polymer above its glass-transition tempera-
ture [27–30].
The higher values of the strain hardening modulus, compared to the rubber-plateau mo-
dulus, might originate from the difference in nature of the mobility obtained. Although
the material is deformed in the glassy state, it is reasonable to assume that under the
influence of the applied stress, the polymer molecules only obtain a limited degree of
mobility. Several experimental studies showed that mobilisation of chains occurs un-
der influence of stress at the crack tip during crazing and that the model of reptation
might be used in certain cases in the glassy state [46–48]. Numerical simulations by
Tervoort et al. [49] suggested that yielding in glassy polymers can be regarded as a
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stress-induced glass-to-rubber transition. A natural assumption would be that the time-
scale of the stress-induced main-chain segmental mobility during yielding is equal to the
time-scale on which the experiment is performed. It is well known that the time-scale of
main-chain segmental mobility in, for instance, a dynamic mechanical thermal analysis
is influenced by temperature. In the glassy state, far below Tg, the time-scale of main-
chain segmental mobility is much longer than the time-scale of the experiment, whereas
in the rubbery state, far above Tg, the time-scale of main-chain segmental mobility is
much shorter than the time-scale of the experiment. In a way one could regard the
stress-induced main-chain segmental mobility during yielding analogous to a dynamic
mechanical thermal analysis at a temperature at which the time-scale of the thermally-
induced main-chain segmental mobility is equal to the excitation frequency, i.e. right
at the glass transition temperature. So one could qualify the main chain segmental mo-
bility, induced by yielding, as partial main-chain segmental mobility with a significant
contribution of the secondary interactions which are not fully relaxed. Similar to a ther-
modynamic glass-to-rubber transition, the modulus measured in this region is higher
than the rubber-plateau modulus in the melt but still the entangled polymer network
does contribute to the response.
Moreover, one could imagine that on top of this stress-induced main-chain segmental
mobility a thermally-induced segmental mobility can be superposed. Testing at an el-
evated temperature could result in a higher overall segmental mobility and therefore
lead to a lower strain hardening modulus.

2.5 Conclusions

In this paper the role of the network density on the strain hardening behaviour of amor-
phous polymers has been investigated. The network density of glassy polystyrene was
altered by blending with polyphenylene oxide and by cross-linking. The blends of PS
and PPO are fully compatible in all mixing ratios and form a mixture on a molecu-
lar scale. This can be witnessed from the fact that in DMTA only one glass transition
temperature is observed. From these tests it was also concluded that the glass transi-
tion temperature and the rubber modulus (dynamic modulus determined in the rub-
bery state) increase with increasing PPO fraction in the blend. The DMTA experiments
of cross-linked polystyrene (XPS) show, besides a slight increase in Tg, an increased
rubber-plateau modulus with an increasing amount of added cross-linking agent. From
the rubber(-plateau) moduli the network density was derived using equations from the
rubber-elastic theory. Experimentally determined network densities correlate well with
the model proposed by Prest and Porter [41].
Uniaxial compression tests showed minor changes in the elastic and yield behaviour of
the PS/PPO blends; the main differences were found in the strain hardening behaviour.
With increasing PPO fraction in PS/PPO and an increasing amount of cross-linker in
XPS the strain hardening modulus increases. Numerical and analytical approaches
demonstrated that the strain hardening behaviour can be adequately described by a
neo-Hookean relation.
Representing the strain hardening modulus as function of the network density, obtained
from DMTA experiments, yields the conclusion that the strain hardening modulus is
proportional to the network density, irrespective of the nature of the entangled polymer
network, i.e. physical entanglements or chemical cross-links .
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However, the strain hardening modulus measured in uniaxial compression tests as func-
tion of temperature contradicts the similarity with rubber-elastic behaviour. With in-
creasing temperature the strain hardening modulus decreases whereas for an entropic
spring it is expected to rise. It was discussed that after yielding, which can be inter-
preted as a stress-induced rubbery state, the polymer network is addressed but that re-
laxation mechanisms might also play an important role. In the temperature dependence
of the strain hardening behaviour, relaxation might overrule the entropic character of
the polymer network and lead to an decreasing trend.
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Chapter 3

Kinetics of ageing and
re-embrittlement of mechanically
rejuvenated polystyrene

Pre-deforming polystyrene by rolling results in elimination of strain softening
and induces ductile deformation behaviour in a subsequent tensile test. How-
ever, both yield stress and strain softening recover in time as a result of age-
ing, resulting in renewed brittle failure behaviour. The kinetics of this process
is addressed in this paper. Although the process of recovery of yield stress
and strain softening shows no molecular weight dependence, the time-scale
of renewed brittle fracture after rejuvenation does. Any localisation of strain
can only be stabilised if the molecular network can transfer sufficient load.
For a relatively low molecular-weight polystyrene, the load bearing capacity
is already exceeded at short ageing times, whereas for higher molecular-
weight grades this takes longer. Since the creep compliance and shift-rate of
mechanically rejuvenated polystyrene shows a pronounced increase as com-
pared to thermally rejuvenated polystyrene, the segmental mobility in the
mechanically rejuvenated samples has increased, despite a lower free vol-
ume. This indicates that a new explanation for ageing should be postulated,
which is discussed.

3.1 Introduction

Crazing, shear yielding, and necking are the mechanisms which generally dominate
the macroscopic deformation behaviour of glassy polymers. Which of these localisa-
tion phenomena prevails is determined by the post-yield behaviour of the polymer, i.e.

Reproduced from:

Kinetics of ageing and re-embrittlement of mechanically rejuvenated polystyrene
H.G.H. van Melick, L.E. Govaert, B. Raas, W.J. Nauta, H.E.H. Meijer, submitted to Polymer.
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the strain softening and the strain hardening. Most striking example here is the differ-
ence in macroscopic behaviour of polystyrene and polycarbonate. Polystyrene exhibits
substantial strain softening and only a weak contribution of the strain hardening. Local-
isations of strain, induced during the initial stage of deformation, can not be stabilised
and evolve almost without limits. As a result this extreme strain localisation leads to
the initiation of crazes, as postulated by Kramer [1] and, ultimately, macroscopic fail-
ure. Polycarbonate, on the other hand, exhibits only a moderate amount of strain softe-
ning and a stronger contribution of the strain hardening. Localised plastic deformation
zones, induced by strain softening, can be stabilised and transfer deformation to other
regions in the material. As a result a larger volume participates in the deformation and
shear yielding and stable necking are observed in a tensile test. Despite, also polycar-
bonate will initiate crazes if a more severe localisation is introduced by changing the
geometry of the test, e.g. by adding a notch.
The amount of strain softening can be altered by thermal treatments, like quenching
and annealing. Small changes in yield stress can have major consequences for the
macroscopic deformation behaviour. For instance, a subtle increase in strain softening,
induced by annealing, leads to severe localisation of strain and brittle fracture in a rel-
atively low molecular weight polycarbonate [2, 3]. Other examples include the obser-
vations of Cross and Haward [4], who showed that by rapid cooling of PVC a reduction
in the strain softening results in homogeneous deformation in a subsequent tensile test
whereas slowly cooled samples exhibit necking.
The most effective way to influence strain softening is by pre-deformation. Bauwens [5]
demonstrated that by alternating bending of PVC samples, prior to tensile testing, neck-
ing was suppressed. Similar experimental observations were reported by G’Sell [6]
for epoxy and Aboulfaraj et al. [7] for polycarbonate, respectively. Mechanical pre-
conditioning of polycarbonate was also performed by Govaert et al. [8] and Tervoort et
al. [9]. Cylindrical tensile bars were torqued to and fro, and subsequently subjected to a
tensile test. The original moderate amount of strain softening was virtually eliminated
by this pre-conditioning and localisation of strain was prevented, resulting in homoge-
neous deformation without neck-formation. Pre-deformation can also be performed by
rolling, as was reported first by Gruenwald [10], who observed a remarkable increase
in toughness for polycarbonate, which could again be erased upon annealing at tem-
peratures below Tg. Broutman and co-workers adapted this procedure and performed
similar studies on a number of amorphous polymers [11–13], excluding polystyrene. In
these studies a sharp increase in Izod impact strength was found at an optimum degree
of thickness reduction (PC � 5%, PVC � 30%), while at larger reductions, the impact
strength decreased again. The authors claimed the slight molecular orientation and the
residual stresses induced to be the origin of this toughness enhancement. However, the
fact that annealing well below the glass transition temperature did erase the toughness
enhancement whereas the molecular orientation did not disappear [13], questions their
explanation. The influence of residual stresses remained unclear since during annealing
a correlation between the relaxation of the residual stresses and the sudden transition
from ductile to renewed brittle fracture was not observed.
A similar rolling procedure was followed by Govaert et al. [14] to pre-deform glassy
polystyrene. Consistent with the previous studies, a remarkable increase in ductility was
observed after a thickness reduction of approximately 30%. The tremendous reduction
in strain softening, observed after rolling, was made responsible for the prevention of
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strain localisation in a subsequent tensile test. This interpretation is consistent with ob-
servations of pre-conditioning of polycarbonate by torquing [8,9] and the observations
of Broutman that the ratio yield stress (maximum in stress) and draw stress (stress at
which the polymer is drawn) approaches unity after a certain degree of rolling [11].
A common factor in these studies is the transient nature of the toughness enhancement.
In time, either at room temperature or at elevated temperatures (below Tg), the duc-
tility or impact strength decreased again. Govaert et al. [14] showed that the renewed
brittle fracture in polystyrene occurred at the same time scale as the recovery of the
yield stress and strain softening. For polycarbonate a similar recovery was observed
although on a much longer time-scale [15, 16]. Since the factors that influence this
transient behaviour are unknown, the actual study was designed. Tensile bars of poly-
styrene were pre-deformed by rolling and, subsequently, subjected to a uniaxial tensile
test after certain periods in time (ageing times) after mechanical rejuvenation, allowing
to examine the kinetics of the recovery of the yield stress and strain softening. At each
ageing time step, 50 tensile tests were performed to determine the probability to failure
as function of the ageing time.
Moreover, to investigate any differences in the state after thermal rejuvenation and me-
chanical rejuvenation by rolling, the creep behaviour was studied.

3.2 Experimental section

Materials

The materials used were three commercial grades of polystyrene, N5000 (Shell), Styron
648 and 660 (Dow Chemical). Gel permeation chromatography (GPC) was performed
to determined their molecular weights and molecular-weight distributions. In figure 3.1
the weight fraction of the log(molecular weight) is given as function of the molecular
weight.

10
4

10
6

0

0.2

0.4

0.6

0.8

1

molecular weight [g mol−1]

w
(lo

g(
M

))
 [−

]

Styron 600
N5000
Styron 648

Figure 3.1: Molecular-weight distribution of the PS grades used in this study.

The weight-averaged and number-averaged molecular weights, given in table 3.1, in-
crease in the sequence of Styron 660, N5000 and Styron 648. The dispersities of the
Styron grades are similar, around 3, whereas for the N5000 grade it is slightly higher:
3.5.
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Mw [g mol�1] Mn [g mol�1] Mw

Mn

Styron 660 203,401 65,822 3.09
N5000 281,461 79,968 3.52
Styron 648 318,490 107,215 2.97

Table 3.1: Weight-averaged and number-averaged molecular weights of the PS grades used
in this study.

For the uniaxial compression tests, cylindrical samples (?6 mm x6 mm) were machined
from plates (160x160x9 mm3), that were compression moulded from granular material
at a temperature of 190ÆC. First, the materials were heated for 15 minutes and next
compressed during 5 minutes in 5 steps of increasing force, up to 300 kN. In between
the steps, the force was released to allow for degassing. Afterwards the mould was
placed in a cold press and cooled to room temperature at a moderate force (100 kN).
All tensile specimens were prepared via injection moulding, shaped according to ISO
527.

Treatments

Quenching of tensile bars was performed after heating of the samples in an oven at
110ÆC (just above Tg) for half an hour and, subsequently, rapid cooling in liquid nitro-
gen. Mechanical pre-deformation of the tensile bars was performed by rolling along
the length axis on a two-roll mill (diameter of 45 mm), more extensively described in
Govaert et al. [14]. During rolling, a thickness reduction of approximately 32% was
achieved while the length of the tensile bars increased by 36%. Since the rolling proce-
dure induced a temperature rise of approximately 35ÆC, cooling of the samples to room
temperature was allowed prior to testing.

Mechanical testing

In uniaxial compression, performed on a servo-hydraulic MTS Elastomer Testing Sys-
tem 810, cylindrical specimens were compressed, under strain control, at a constant
logarithmic strain rate of 10�2 s�1 between two parallel, flat steel plates. The friction
between the sample and steel plates was reduced by an empirically optimised method.
Onto the sample a thin film of PTFE tape (3M 5480, PTFE skived film tape) was applied
and the surface between steel and tape was lubricated by a soap-water mixture. During
the test no bulging or buckling of the sample was observed, indicating that the friction
was sufficiently reduced.
Tensile test were performed on a Zwick Z010 tensile tester, at a constant linear strain
rate of 10�3 s�1, at distinct ageing times after pre-deformation. At each ageing time,
50 tensile tests were performed for each grade to obtain statistically relevant data. Be-
sides the stress-strain curve, the yield stress and draw ratio at which fracture (ductile or
brittle) occurred, were recorded. In this respect ’ductile’ is defined when a tensile bar
exceeding 6% macroscopic strain (well beyond the yield point). The tensile creep expe-
riments were performed at TNO Industrial Technology on an in-house built tester [17].
Since the requirements for the tensile creep specimens differ from ISO standards, only
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the waisted sections of the pre-deformed tensile bars were used. Loading, following
the procedure described by Struik [17], was performed at distinct ageing times after
mechanical or thermal rejuvenation. The shortest ageing time was 1350 sec, doubled
every next ageing time till 21600 sec in the last time step. During the tests the creep
compliance was measured at a constant temperature of 40ÆC.

Density measurements

The density of the materials was measured before and after the pre-deformation on a
Davenport density gradient column filled with a NaBr/water solution kept at a temper-
ature of 23ÆC. Calibration spheres were used and the density gradient over the column
was 0.020 g cm�3 (ranging from 1.040 to 1.060 g cm�3) over a length of 700 mm.
Since the reading accuracy is at least 1mm, the resolution on the density measurements
is 3�10�5 g cm�3. The samples used for these measurements were cut from the ten-
sile bars and polished to prevent adhesion of air bubbles to the surface, which could
influence the results.

3.3 Results

Intrinsic behaviour

In uniaxial compression the intrinsic deformation behaviour, i.e. deformation without
localisation phenomena like shear banding, necking and crazing, was determined. As
expected, see figure 3.2, the molecular-weight (distribution) has no significant influence
on the intrinsic behaviour. However, properties that are influenced by the molecular
weight are related to failure. Following Flory’s [18] approach, Merz et al. [19] and
McCormick et al. [19, 20] reported that the tensile strength of polystyrene increases
with increasing Mn. Since fracture phenomena are absent in uniaxial compression tests,
this influence could not be observed.
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Figure 3.2: Intrinsic deformation behaviour of the three PS grades, measured in compres-
sion.

Pre-deformation

Pre-conditioning or pre-deformation has major consequences on both the intrinsic prop-
erties and macroscopic deformation behaviour of amorphous polymers [10, 11, 14]. In
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figure 3.3, the deformation behaviour of polystyrene N5000 in tension, compression,
and after rolling are presented. In this figure the absolute values of the stress and
strain are plotted on the axis to enable comparison of both tensile and compression
tests. When injection-moulded bars of polystyrene are subjected to a uniaxial tensile
test, they exhibit crazing and brittle macroscopic fracture already in the apparent elas-
tic region. Strains and stresses, which are typically reached in such a test, are in the
order of 1-2% and 40-50 MPa. The intrinsic behaviour of polystyrene, represented by
the compression curve, is characterised by a high yield stress, a pronounced strain sof-
tening and weak strain hardening. The effect of pre-deformation is quite clear from
figure 3.3: strain softening is virtually eliminated and ductile deformation behaviour is
observed, even in a tensile test, reaching macroscopic strains of 30%.
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Figure 3.3: Deformation of PS in tension, compression and pre-deformed in tension.

Although the samples are slightly oriented as a result of the pre-deformation, the ob-
served ductility of polystyrene originates from the reduction in strain softening and not
from the molecular orientation. This conclusion is substantiated by two facts. First,
Broutman et al. [11,12] showed, using an identical rolling procedure on polycarbonate,
that the improved impact toughness is only slightly influenced by the relative angle
of the rolling direction and the test direction. Second, the enhanced ductility is of a
transient nature, see below, whereas the induced molecular orientation is permanent at
room temperature on this time scale.

To investigate the transient behaviour of ductility, tensile tests are performed at distinct
ageing times, see figure 3.4. In these tests, apart from the stress-strain curve, the yield
stress and strain to break are recorded. In time, the yield stress increases, see figure
3.5, and strain softening is, consequently, restored, whereas the large strain behaviour
remains unchanged. Approximately two days after pre-deformation, renewed brittle
fracture is observed for the PS N5000 grade.
The yield stress increases linearly on a logarithmic time scale with ageing time, see fi-
gure 3.5. Each marker represents the average value of 50 tensile tests. Since recovery
of the yield stress, and thus of strain softening, displays a behaviour similar to physical
ageing and proves to be independent of molecular weight, it can be ascribed to relax-
ation of the polymer chains on a segmental scale.
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Figure 3.4: Sequence of tensile tests on PS N5000 at distinct ageing times after rolling:
renewed brittle fracture after 48 hours is observed.
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Figure 3.5: Kinetics of the yield stress recovery after pre-deformation.

The obtainable draw ratio is strongly dependent on the ageing time, illustrated in fi-
gure 3.6 for PS N5000. The majority of the tensile bars exhibits ductile deformation
behaviour (� >1.06) up to 5 hours after pre-deformation, whereas after 48 hours every
single tensile bar fractures in a brittle manner.
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Figure 3.6: Probability to brittle failure: decreasing strain to break for N5000 with increas-
ing ageing time (a) and influence of molecular weight (b).

From figure 3.6a, the fraction of brittle fractures (defined here as the fraction of bars
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with a draw ratio smaller than 1.06) observed, are determined at each ageing time. Fol-
lowing an identical procedure for the other grades, and representing these data versus
the ageing times, gives the probability to brittle fracture as function of ageing time (fi-
gure 3.6b). This probability to failure proves to be dependent on the molecular weight.
For the low molecular weight grade, the majority of the tensile bars displays brittle frac-
ture at relative short ageing times, i.e. after 1 hour. With increasing molecular weight,
the renewed brittle fracture is postponed: it takes 2 days for N5000 and 1 week for
Styron 648 respectively.
Since the intrinsic behaviour, figure 3.2, and the kinetics of yield stress and strain sof-
tening recovery with ageing, figure 3.5, are identical for all grades, the difference in
macroscopic deformation behaviour after ageing must originate from the influence of
molecular-weight, more specifically Mn on breaking stress, Merz et al. [19] and SMc-
Cormick et al. [20]. In figure 3.7 the influence of Mn on the deformation behaviour is
illustrated.
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Figure 3.7: Schematic representation of the intrinsic tensile response of the three PS grades
at 10 min and 48 hrs after rolling.

Localisations of strain, induced by an increased strain softening, evolve in the same
way for all materials. Strain localisation can only be stabilised if the stress, or the force,
which can be transferred by the polymer network in the localised plastic zone is suffi-
ciently high in order to exceed the yield stress of the surrounding material. However, the
polymer network can only be loaded up to a limited stress, the tensile strength. Hence,
after a certain ageing time, the stress in the local plastically deformed zone required to
surpass the recovered yield stress in the, yet, hardly undeformed regions, exceeds the
tensile strength. Since this tensile strength is related to Mn, both the recovering yield
stress and the time-scale, at which fracture occurs, are dependent on Mn.

That intrinsic strain softening is dominant in the macroscopic response of polymers,
provides another verification possibility, since strain softening is rate dependent [15,
21]. Therefore, also a rate dependency of the ductile-to-brittle transition is expected,
see figure 3.8. At 10 minutes after rolling, the specimen deformed at a strain rate of 10�4

s�1 exhibits no strain softening. Increasing the strain rate by 1 and 2 decades, results
in an increase of yield stress and strain softening with 10 and 20 MPa respectively, see
figure 3.8a.
Figure 3.8b shows that the probability to failure at lower draw ratios is unambiguously
higher at a strain rate of 5�10�3 s�1 compared to 10�3 s�1 at an ageing time of 10
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Figure 3.8: PS N5000: influence of strain rate on the tensile behaviour at 10 min after
rolling (a) and the accompanying distribution of draw ratios (b).

minutes. This can be rationalised by the fact that at a higher strain rate, resulting in
more strain softening, the maximum tensile strength of the polymer network is earlier
exceeded, confirming the explanation given above.

Creep tests

The kinetics of recovery of the yield stress and strain softening are independent of the
molecular weight and resembles the kinetics of an ageing process. The question rises
whether the typical time-scale of this progressive ageing equals that of physical ageing
after thermal rejuvenation and whether mechanical rejuvenation can be interpreted as
an ultimate quenching procedure.
It is well known that physical ageing and the accompanying structural rearrangements
of the molecules, have consequences for the small-strain visco-elastic and time-dependent
behaviour of amorphous polymers [17,22]. Therefore, creep tests are performed at dis-
tinct ageing times after rejuvenation (both thermal and mechanical).

During the creep tests, the compliance of the samples is measured. For creeping materi-
als the compliance rises as time passes. The evolution of this compliance was described
by a stretched exponent [17] and reads:

D(t) = D0 exp

�
t

ae�

�

(3.1)

where D0 is the initial compliance, t the creep time, � the relaxation time and ae the shift
factor. As shown by Struik [17], the creep curves are super-imposable and hence the
shape of the curves is not influenced by physical ageing. This super-imposability and the
fact that the creep curves stretch over many decades, suggest that the process of creep
can be described by a spectrum of relaxation times. This has led to the introduction
of a shift factor (ae) by which the relaxation time is multiplied. It was shown that
many polymers age in a similar way and that ageing can be characterised by a double-
logarithmic shift rate, �, which is defined as:

� = �d log ae

d log te
(3.2)



28 Chapter 3

where te is the ageing time.

Figure 3.9a and 3.9b, show the creep behaviour of thermally and mechanically reju-
venated polystyrene (N5000), respectively.During creep at constant force, the strain
increases in time resulting in an increase in creep compliance. For the quenched mate-
rial the creep compliance increases slightly from 0.396 to 0.465 GPa�1 for the shortest
ageing time, i.e. 1350 sec after quenching. As the ageing time rises, a shift along the
logarithmic time axis to longer creep times is observed, consistent with observations
reported in literature for many amorphous polymers [17].
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Figure 3.9: Creep compliance of PS N5000 as function of creep time at distinct ageing times
(in sec) for thermally rejuvenated PS (a) and mechanically rejuvenated PS (b).

The creep compliance curves for rolled polystyrene, represented in figure 3.9b, deviate
considerably from the curves of the quenched material. Initially a lower creep com-
pliance is measured, indicating that the stiffness for the samples after pre-deformation
was initially higher, which can be rationalised by the fact that slight orientation of the
polystyrene molecules during the rolling procedure occurred. Moreover, as was shown
by Broutman et al. and will also be shown later in this paper, the macroscopic density
increased after rolling, resulting in a closer packing of the chains.
The creep compliance of the pre-deformed samples increases faster with creep time;
for the shortest ageing time an increase from 0.363 to 0.573 GPa�1 is observed, which
is 3 times as much than for the quenched material. This pronounced creep behaviour
indicates that the segmental mobility of the polymer chains in the mechanically reju-
venated material is relatively large compared to that of the quenched material. This
does not necessarily imply that rejuvenated state of both materials is different, since it
is expected that the elimination of strain softening is accompanied by a higher degree
of segmental mobility.
A characteristic feature of creep curves is the horizontal shift factor by which they can
be shifted along the logarithmic time axes to form a master curve. As shown in figure
3.10, these shift factors prove to be quite different for the thermally and mechanically
rejuvenated materials. The shift factor is proportional to the ageing time for both ma-
terials but their slopes, a characteristic measure for creep, differ quite remarkably. The
shift rate for the pre-deformed material is 50% larger than for the quenched material,
that has a shift rate of 0.69, consistent with values reported by Struik [17].
These results suggest that the mechanically rejuvenated state achieved by pre-deformation
is quite different from the state reached after thermal quenching. This also gives rise
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Figure 3.10: Shift factor of thermally rejuvenated and mechanically rejuvenated PS N5000
as function of ageing time.

to the question whether the relaxations on a molecular scale, involved in progressive
ageing after pre-deformation, are different from those after quenching. Answering this
question, requires knowledge of the processes active on a molecular scale while strain
softening evolves during ageing.

Density measurements

Classically the process of physical ageing, and the accompanying changes in properties,
are attributed to changes in free volume. This is explained by the fact that a reduced
free volume lowers the mobility on segmental scale, and results in, for instance, an
increased modulus and yield stress [17]. Since yield stress and strain softening are
inherently coupled, this would imply that in a rejuvenated state of reduced strain sof-
tening the free volume should be higher and thus the macroscopic density should be
lower. To investigate this, the densities of the PS grades are measured, before and after
mechanical rejuvenation. Interestingly, these measurements show an opposite effect,
summarised in table 3.2, and the density after mechanical rejuvenation is higher than
prior to this treatment for all grades. Although the differences are small, they are cer-
tainly significant taking into account the accuracy of the density gradient column used
(the differences are 10 to 40 times as large as the accuracy of the measurement).

density before [g cm�3] density after [g cm�3]
Styron 660 1:05112 1:05145

N5000 1:05118 1:05137

Styron 648 1:04968 1:05080

Table 3.2: Density of PS grades before and after pre-deformation.

Similar observations were done by Broutman et al. [11, 12]. They applied an identical
procedure for the pre-deformation of various other polymers, like PC, ABS and PVC, and
reported an increase in density after rolling of their specimens. Consistent in this respect
are the results reported by Xie et al. [23], who found an increased density, measured
by means of positron annihilation lifetime spectroscopy (PALS), during compression
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tests. For such a test it is known that the strain softening is strongly reduced and even
eliminated [24].

3.4 Discussion

During processing of polymers, generally rapid cooling from above the rubbery to the
glassy state takes place. When passing the glass transition temperature, the segmental
mobility of the polymer chains is drastically reduced and hence molecules are not in
thermal equilibrium anymore and their occupied volume is larger than the actual equi-
librium volume. In time, with ageing of the material, the limited segmental mobility
which the molecules possess, causes volume relaxation and thus reduction of the free
volume. Due to physical ageing also an increase of the yield stress and concurrent strain
softening is observed. The question is, however, whether the classical free volume the-
ory can account for all these effects.
If with physical ageing the reduction in free volume leads to a reduced segmental mo-
bility and, consequently, changes in properties, this would imply that in a rejuvenated
state the mobility is enhanced and the density decreased due to an increase in free
volume. The density measurements presented here, which are consistent with similar
experiments of Broutman [11, 12], show an increased density after mechanical reju-
venation, the treatment that results in the most extreme, reversible reduction of the
yield stress. These observations are supported by those of Xie et al. [23] and Hasan et
al. [24]. These experimental observations question the mechanism proposed by Struik
that free volume is the governing parameter in physical ageing [17].
The question remains what the physical origin of strain softening is and how it relates
to physical ageing. Therefore, a possible explanation that could account for the ex-
perimental observations is discussed. Since glassy polymers are in a non-equilibrium
state after rapid cooling, in time these materials will pursuit a state closer to the equi-
librium state. This strive for an energetically more favourable state, driven by primary
and secondary interactions of the polymer chains, is accompanied by changes in phys-
ical properties. The interactions of the inter- and intra-molecular forces between the
polymer molecules can be captured in a concept of a potential energy landscape [25].
This potential energy landscape is defined as a distribution of valleys (energy minima),
mountains (energy maxima) and mountain passes (saddle points) [26]. Since poly-
mer chains still possess a certain degree of mobility on a segmental scale in the glassy
state, this landscape is not static, but subject to dynamic processes dominated by vibra-
tions within local minima and relaxation between local minima [26]. These dynamic
processes lead to local reconfigurations of chain segments and, consequently, a slow
loss of energy, deepening the valleys already present in the landscape. Malandro and
Lacks [26] investigated by molecular dynamics simulation the influence of shear stress
on this potential energy landscape of ductile glasses. They concluded that changes in
the potential energy landscape, induced by shear, implied the disappearance of local en-
ergy minima, resulting in mechanical instabilities and discontinuous local stress drops.
On a macroscopic level this stress drop becomes continuous and can be identified as
intrinsic strain softening. Despite the simplicity of the model, it can account for the
macroscopic stress-strain response of an amorphous glass in a qualitative way, includ-
ing its temperature dependence.
Atomistic simulations of Utz et al. [27] confirmed this view point and showed that by
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ageing the macroscopic stress-drop increases. Moreover, they showed that plastic defor-
mation can ’reverse’ these ageing effects. Straining of an aged polymer glass therefore
requires more energy than all the minima in the potential energy have to be overcome.
Since by ageing these minima become deeper, more energy is required to establish yield-
ing and hence the material exhibits more strain softening. The energy required to draw
the material at large strains remains of course identical, as was shown in these atomistic
simulations. After this ’pre-deformation’ a renewed process of relaxation and strive for
local minimisation of potential energy takes place and local minima in potential energy
evolve again.
The enhanced mobility, observed in the creep experiments of figure 3.9, can be ratio-
nalised by the fact that by pre-deformation the material is taken to a higher energy
state. If the minima in the potential energy landscape are leveled out, the chains pos-
sess more mobility and creep is facilitated. With ageing, the strive for minimisation of
energy reduces the mobility and increases the yield stress and automatically the strain
softening. Therefore, considering the intrinsic behaviour of amorphous polymers, a
fair view point could be that the stress at which the network contribution takes over
during deformation, observed in rapidly quenched samples (PVC) [4] or mechanically
rejuvenated samples (see e.g. figure 3.3), can be regarded as the natural response of po-
lymers. Thus, in time increasing yield stress, and, consequently, strain softening, should
be regarded as the natural increase in resistance to flow of the polymer chains due to
an increasing number of deeper energy minima in the potential energy landscape.
The strive for local energy minimisation must be interrelated to structural rearrange-
ments of polymer chains. Since crystallisation is an effective way to reduce potential
energy, some degree of local order in non-crystallisable polymers is not beyond imag-
ination. From the early scattering studies local order in glassy polymers is subject of
controversy. Although the scattering patterns of glassy polymers like polystyrene and
polycarbonate are very distinct, Mitchell and co-workers stated that any parallelism be-
tween chain segments must be minimal [28,29]. Recent studies, employing techniques
like NMR, (FT)IR and atomistic simulations, do suggest the presence of some local order,
however, on a much smaller scale [30–39]. It was shown by NMR studies that a pref-
erential packing of molecules exists for glassy polycarbonate which consists of planar
alignments of phenylene groups and parallel or perpendicular alignment of carbonate
groups [33]. The presence of small-scale order in polystyrene is less well documented
and most studies on NMR for polystyrene involve conformation changes [34,35,40–43].
Considering the structure of the polymer chains, a local order would certainly involve
the (re-)arrangement of phenylene rings. As these rings in the side groups of polysty-
rene are quite mobile compared to the rings situated in the backbone of polycarbonate,
this accounts for the differences in kinetics of the yield stress and strain softening re-
covery between polystyrene and polycarbonate, see [15].
Further studies, using molecular modelling and the application of these experimental
techniques on extreme materials, such as the mechanically rejuvenated polystyrene pre-
sented in this study, will be needed to substantiate the present discussion.
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Chapter 4

Localisation phenomena in glassy
polymers: influence of thermal and
mechanical history

The macroscopic deformation behaviour of amorphous polymers is domi-
nated by localisation phenomena like necking an crazing. Finite element
simulations show that the details of the intrinsic post-yield behaviour, strain
softening and strain hardening, determine the severity of strain localisations.
In order to perform these numerical simulations an accurate constitutive
model is required. The compressible Leonov model is, for this purpose, ex-
tended to include temperature effects. Experimentally it is demonstrated
that by a small increase in strain softening (by annealing of polycarbonate) or
substantial decrease (by mechanical rejuvenation of polystyrene), transitions
from ductile to brittle and, respectively, brittle to ductile can be realised. An
analytical stability analysis is performed that predicts stable or unstable neck
growth dependent on the ratio between yield stress and hardening modulus.
The extensive simulations and experimental results lead to the conclusion
that in order to macroscopically delocalise strain, and thus improve tough-
ness, one has to reduce strain softening or enhance strain hardening, either
by improving the intrinsic behaviour of polymers, or by creating an optimised
micro-structure.

4.1 Introduction

The macroscopic deformation behaviour of amorphous polymers is generally dominated
by localisation phenomena like shear-band formation, necking and crazing. Which

Reproduced from:

Localisation phenomena in glassy polymers: influence of thermal and mechanical history
H.G.H. van Melick, L.E. Govaert, H.E.H. Meijer, submitted to Polymer.
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mechanism prevails during deformation is determined by the post-yield behaviour, specif-
ically the balance between strain softening and strain hardening. Although all glassy
polymers show a similar intrinsic post-yield behaviour, their macroscopic behaviour is
quite different. Polystyrene is, for instance, an extremely brittle material. In tension,
crack-like defects appear already in the apparent elastic region. These lens-shaped de-
fects, so-called crazes, are no actual cracks but the faces are still bridged with highly
stretched fibrillar material [1, 2], which provide them some load-bearing capacity. Ul-
timately, one of the crazes breaks up and looses its load-bearing capacity, resulting in
macroscopic failure. Polycarbonate on the other hand, is a ductile material. In tension,
upon yielding, a stable neck is formed that proceeds along the tensile bar and fails at
elongations exceeding a draw ratio of approximately 2.
The marked difference in macroscopic behaviour between polystyrene and polycarbo-
nate can be rationalised in terms of subtle differences in strain softening and strain
hardening [3]. In polystyrene localisation of strain is severe due to pronounced strain
softening and, since its strain hardening is weak, these strain localisations evolve to
extremes, leading to crazing and brittle fracture. The moderate strain softening of po-
lycarbonate does induce strain localisations that are, however, easily stabilised by its
strong strain hardening contribution.
Many examples are known considering the influence of strain hardening on the macro-
scopic deformation behaviour. It is now well established that strain hardening is a stress
contribution of the entangled polymer network [4–6], the strongest arguments being
that it can be enhanced by increasing the network density. For polystyrene this can be
achieved by cross-linking [6, 7] or by blending with polyphenylene oxide (PPO) [6, 8].
The increase of strain hardening eventually leads to macroscopically ductile deforma-
tion behaviour behaviour in polystyrene, for instance, Henkee and Kramer [7] reported
that cross-linking of polystyrene [7] induced a transition from crazing to shear yielding
in a tensile test. Similar results were reported for blends of polystyrene and polypheny-
lene oxide (PPO) with high fractions of PPO [9–13].
Although the exact physical origin of strain softening is not really clear, it is known to
be strongly related to physical ageing [14, 15]. Physical ageing is often explained by
the free volume theory [15], despite the fact that there is evidence which questions this
relation. During mechanical treatments or tests, in which the material is rejuvenated
and strain softening is reduced, the macroscopic density increased and thus free volume
must have decreased [16–18]. Furthermore it is known that strain softening depends
on the thermal and mechanical history and the testing conditions. Quenched samples
exhibit less strain softening than slowly cooled specimens [17, 19, 20], strain softening
can be drastically reduced, or even eliminated, by mechanical pre-conditioning or pre-
deformation [5, 17, 21–25] and, similar to the yield stress, strain softening is sensitive
to temperature, strain rate and pressure [26–29].
In this paper the influence of post-yield behaviour on localisation of strain during de-
formation is investigated by numerical and experimental methods. Finite element si-
mulations, employing the compressible Leonov model, are performed to show the con-
sequences of differences in intrinsic behaviour on macroscopic deformation behaviour
of polystyrene and polycarbonate. Only localisation of strain is considered and failure
mechanisms which occur in this process [30–32] are not incorporated. The influence
of thermal and mechanical treatments on strain softening and the consequences for
macroscopic deformation behaviour are investigated. Finally, finite element simulations
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are used to illustrate the influence of temperature and a supporting rubber layer on the
macroscopic deformation behaviour of polystyrene in tension.

4.2 Materials and Methods

Materials

The materials used were a commercial grade of polystyrene, N5000 (supplied by Shell)
and two commercial grades of polycarbonate, Lexan 101R (supplied by General Electric
Plastics) and Makrolon CD2000 (supplied by Bayer Co.). For the uniaxial compression
tests, cylindrical samples (?6 mm x6 mm) were machined from thick plates (160x160x9
mm3), which were compression moulded from granular material at a temperature 90ÆC
above their Tg. First the material was heated for 15 minutes in the mould and com-
pressed during 5 minutes in 5 steps of increasing force, up to a maximum force of 300
kN. In between the steps, the force was released to allow for degassing. Afterwards the
mould was placed in a cold press and cooled to room temperature at a moderate force
(100 kN). The specimens for the uniaxial tensile tests were made via injection mould-
ing, according to ISO 527. Prior to processing, all materials were dried in a oven at
70ÆC for three days.

Mechanical tests

Uniaxial compression and tensile tests were performed on a servo-hydraulic MTS Elas-
tomer Testing System 810. In compression tests, specimens were loaded between two
parallel, steel compression plates. Friction between sample and plates was reduced by
an empirically optimised method: onto the sample a thin film of PTFE tape (3M 5480,
PTFE skived film tape) was applied and the surface between steel and tape was lubri-
cated by a soap-water mixture. During compression tests no bulging or buckling of the
sample was observed, indicating that the friction was sufficiently reduced. The compres-
sion tests were performed, in strain control, at constant logarithmic strain rates ranging
from 10�4 to 10�2 s�1 whereas uniaxial tensile tests were performed at a constant linear
strain rate of 10�3 s�1. A temperature chamber was used to allow accurate control of
the temperature (� 0.5ÆC). Approximately 15 minutes prior to testing the samples were
mounted in the setup to ensure thermal equilibrium at the desired temperature.

Thermo-mechanical treatments

Two thermal treatments were used: quenching and annealing. Quenching was per-
formed by heating of the samples in an oven at 15ÆC above their glass transition tem-
perature for half an hour and, subsequently, rapidly cooling in ice-water. The annealing
was done by a heating period of three days at 20ÆC below the glass transition tempera-
ture, followed by slow cooling (1 day) to room temperature. The mechanical treatment
of polystyrene (rolling) is extensively described in Govaert et al. [25].
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4.3 Intrinsic deformation behaviour

Uniaxial compression tests

Since localisation phenomena like necking and crazing are suppressed in uniaxial com-
pression tests, these tests are used here to determine the intrinsic deformation be-
haviour of polystyrene and polycarbonate. Figure 4.1 presents the true-stress/true-
strain curves at a temperature of 20ÆC and a logarithmic strain rate of 10�3 s�1 (cir-
cles). The differences in intrinsic behaviour between polystyrene and polycarbonate are
unambiguously shown. Besides a slight difference in elastic modulus and yield stress,
the main difference is found in the amount of strain softening, or yield drop, and in
the value of the strain hardening modulus. Polystyrene exhibits a yield drop of approx-
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Figure 4.1: True-stress/true-strain curves for PS and PC in compression: experimental data
(circles) and numerical simulations (solid lines), using the compressible Leonov
model with the parameters given in table 4.1.

imately 30 MPa, whereas for polycarbonate this drop is only 19 MPa under identical
testing conditions. The strain hardening modulus, defined as the slope of the stress-
strain curve (true stress versus �2� �

�1) at large strains, is more than twice as large for
polycarbonate as for polystyrene, 29 MPa versus 11 MPa.

Numerical modelling

In the numerical model used, the generalised compressible Leonov model [24, 33], a
distinction is made between the contribution of secondary interactions between polymer
chains, that determine the (visco-) elastic properties at small deformations and the yield
behaviour, and the entangled polymer network that governs the large strain behaviour.
The total Cauchy stress (�) is decomposed in a driving stress (s) and a hardening stress
(r), according to:

� = s+ r (4.1)

The driving stress is subsequently decomposed into a deviatoric part (sd) and hydro-
static part (sh):

s
d = G ~

B

d

e and s
h = �(J � 1)I (4.2)
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where G is the shear modulus, ~B
d

e the deviatoric part of the isochoric elastic left Cauchy-
Green deformation tensor, � the bulk modulus, J the volume change factor and I the
unity tensor. The superscripts d and h denote the deviatoric and the hydrostatic part
respectively, the subscripts e, p, and eq indicate that an elastic, plastic, and equivalent
quantity is used. The relative volume change and the isochoric elastic left Cauchy-Green
deformation tensor ~

Be are given by the evolution equations:

_J = Jtr(D) (4.3)

Æ

~

Be = (Dd �Dp) � ~Be + ~

Be � (Dd �Dp) (4.4)

where
Æ

~

Be is the Jaumann rate of ~

Be, Dd the deviatoric part of the rate of deformation
tensor and Dp the plastic part of the rate of deformation tensor.
The hardening behaviour is described by a neo-Hookean relation for the hardening
stress r:

r = GR
~

B

d
(4.5)

where GR is the strain hardening modulus. As proposed by Tervoort et al. [33] a New-
tonian flow rule with a stress dependent Eyring viscosity is used to relate the plastic
deformation rate tensor, Dp, to the deviatoric driving stress tensor, sd:

Dp =
s
d

2�(�eq; D; p)
(4.6)

The viscosity, �, is strongly dependent on the equivalent stress, �eq, and was originally
described by an Eyring relationship [34]. Govaert et al. [24] extended the model by
incorporating pressure dependence (�) and intrinsic strain softening (D) in the viscosity
function:

�(�eq; D; p) = A(D; p) �0

�eq
�0

sinh
�
�eq

�0

� (4.7)

where the equivalent stress, �eq, is defined as:

�eq =

r
1

2
tr(sd � sd) (4.8)

and

A = A0 exp

�
�H

RT

�
exp

�
�p

�0

�D

�
(4.9)

�0 =
RT

V
(4.10)

p = �1

3
tr(�) = �1

3
tr(s) (4.11)

where A0 is a constant pre-exponential factor, R is the gas constant, and T the absolute
temperature. In the evolution of the softening, originally proposed by Hasan et al. [35],
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the softening parameter D is initially set to zero. In time, this parameter evolves to the
softening limit D1 according to:

_D =

�
1� D

D1

�
_p (4.12)

where the equivalent plastic strain rate, _p, equals:

_p =

q
2tr(Dp �Dp) (4.13)

From equation 4.6 a condensation in equivalent quantities can be performed using equa-
tions 4.8 and 4.13, under the assumption that during yielding the equivalent strain rate
equals the equivalent plastic strain rate:

_eq =
�eq

�(�eq; D; p)
(4.14)

Combining this equation with equation 4.7 yields the well-known Eyring expression for
the equivalent strain rate as function of the equivalent stress [34]:

_eq =
1

A
sinh

�
�eq

�0

�
(4.15)

If the argument of the hyperbolic sine function is large, it can be replaced by an expo-
nential function. Some rearranging of equations 4.9 and 4.15 (at yield point D = 0),
results in an equation for the equivalent stress, expressed in the equivalent strain rate:

�eq = �0

�
ln 2A0 _eq +

�H

RT
+
�p

�0

�
(4.16)

This expression can be used directly to fit the parameters on the experimental data, the
macroscopic yield stresses (�y) and the logarithmic strain rates ( _"). Using equations 4.8
and 4.13 in a uniaxial compression test, at the yield point, equivalent quantities can be
expressed as function of stress and strain rate:

�eq =
1p
3
�y and _eq =

p
3 _" (4.17)

In figure 4.2a, the experimentally obtained equivalent yield stresses, �eq, (markers), as
function of temperature and equivalent strain rate, _eq, are presented. From the slope of
these curves the characteristic stress, �0, and thus the activation volume, V (see equation
4.10) can be derived. From the offset of the curves at various temperatures the time
constant, A0, and the activation energy, �H, are determined. Since at a sufficiently high
pressure ductile deformation behaviour is observed even in polystyrene, the pressure
coefficient, �, was determined up-front in a uniaxial tensile test under superimposed
pressure at the IRC in Leeds and proved to be equal to 0.14. The solid lines in figure 4.2a
are fits with the parameters for PS N5000 given in table 4.1. For the elastic parameters
E and � literature values are taken [36].
The strain hardening modulus is determined from the slope of the stress-strain curve at
large strains. The last two parameters, the softening limit, D1, and the softening slope,
h, are obtained by a visual fit on the true stress-strain curve of a uniaxial compression
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Figure 4.2: Equivalent yield stresses of PS as function of equivalent strain rate and tem-
perature (a) and the compressive behaviour of PS at various temperatures (b),
markers represent the experiments, solid lines the simulations using the param-
eters given in table 4.1.

PS N5000 PC Lexan 101R/
Makrolon CD2000

E 3300 2400 [MPa]
� 0.37 0.4 [-]
V 9.52�10�4 3.4�10�3 [m3mol�1]
�H 1.70�105 2.90�105 [J mol�1]
A0 1.11�10�20 3.6�10�25 [s]
GR 11 29 [MPa]
D1 9 26 [-]
h 60 200 [-]
� 0.14 0.07 [-]

Table 4.1: Material parameters of PS N5000 and Makrolon CD2000/Lexan 101R [24].

test at 20ÆC and 10�3 s�1, see figure 4.2b. The parameters derived under these testing
conditions are the reference values and will be referred to with the subscript 0. The
material parameters used in the simulations are given in table 4.1.

Since the temperature not only influences the yield stress, but also has a significant
influence on modulus, softening limit and strain hardening, a temperature dependence
of these properties for polystyrene is incorporated in the simulations. The temperature
dependence of the modulus is derived from dynamical mechanical thermal analysis [6]
and reads:

E(T ) = E0(�0:0264 T + 1:79) (4.18)

Although for visco-elastic materials a more complex relation would be appropriate, for
the isothermal simulations this simple relation is adequate. From this temperature de-
pendent modulus and the Poisson ratio the bulk modulus, �, and shear modulus, G
are derived which are used a input in the numerical model. The temperature depen-
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dence of the strain hardening modulus and the softening limit are derived from uniaxial
compression tests at various temperatures, see figure 4.2b, and yields:

D1(T ) = D1;0(�0:012 T + 4:516) GR(T ) = GR;0(4:91� 0:0133 T ) (4.19)

In these empirical relations T [K] is the absolute temperature. Since the value of the
strain softening parameter D evolves in time according to equation 4.12, the assumed
temperature dependence can only be used in stationary temperature fields. The slight
rate dependence of the strain softening [31] is not incorporated in the numerical model.
Apart from the difference in tensile strength and a slight difference in strain hardening
modulus [42], the difference in molecular weight (distribution) for the polycarbonate
grades has no influence on the intrinsic properties, and hence the same parameter set
is used for Lexan 101R and Makrolon CD2000, adopted from [24].
The solid lines in figure 4.1 and 4.2b represent the numerical simulations using the
parameter sets from table 4.1 and demonstrate the ability of the compressible Leonov
to give a quantitative description of the intrinsic deformation behaviour of glassy poly-
mers.

FEM model

The geometry used in the finite element simulations is an axisymmetric model of a
tensile bar with a small imperfection, situated at the surface in the middle of the tensile
bar. The cylindrical tensile bar has a dimensionless parallel length of 1 and a radius
of 0.2. The circular imperfection has a radius of 0.02 and a maximum depth of 0.003
(1.5% of the radius of the bar). Govaert et al. [24] showed that the size and shape
of the imperfection are only of minor influence on the deformation of the tensile bar.
Only the draw ratio during stable neck growth is slightly influenced. The finite element
model consists of 537 8-noded second-order elements, represented in figure 4.3. During
the tensile test the bar is deformed at a constant linear strain rate of 10�3 s�1. For the
simulation in which a rubber layer is incorporated, a thin layer (10% of the radius of the
bar) of elements is glued on the surface to the tensile bar. For the rubber a neo-Hookean
model is chosen with a shear modulus of 150 MPa.

Figure 4.3: Finite element mesh of the tensile bar with imperfection (zoomed area).

4.4 Results

Deformation and localisation processes in polycarbonate

Results of finite element simulations

Figure 4.4 presents a numerical simulation of a tensile test on polycarbonate. During
the initial elastic stage, stresses rise throughout the specimen and, until the yield point is
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reached, the stress is approximately equal in all marked positions. Yield and subsequent
plastic deformation occurs first underneath the imperfection (bullet) and, immediately
after yielding, the material deforms, localising the strain in this zone, accompanied by
a local drop in stress because of strain softening. Both events cause the stress to drop in
the elastically deformed regions and the other three markers descend along the elastic
curve, see figure 4.4a.
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Figure 4.4: Numerical simulation of a tensile test on PC: stable neck growth.

With ongoing deformation, the material in the deformed region experiences strain har-
dening. As a result the force required to deform this material exceeds the force required
to induce yielding in the adjacent material (shoulder). Figure 4.4b represents the stage
in which the material in the neck (bullet) is stabilised and the shoulder (triangle) of the
neck reaches the yield point. Next yielding occurs in the shoulder, while the material
already present in the neck is not strained further. This continuing process of yield-
ing, localisation and stabilisation results in formation of a stable neck which proceeds
along the tensile bar (see figure 4.4c) until the neck reaches the tabs of the tensile bar
(diamond). Then again the stress is quite homogeneously distributed throughout the
tensile bar, which can be witnessed from the fact that all markers are approximately
at the same position in the intrinsic stress-strain curve, see figure 4.4d. With ongoing
deformation, cold-drawing in the neck proceeds until the tensile strength in the neck is
exceeded.
The process of stabilisation of the neck can be demonstrated by the evolving stress and
draw ratio in the neck during deformation. In figure 4.5, the engineering stress versus
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nominal draw ratio is plotted (solid line), which represents the macroscopic response
in a tensile test. Stress rises until the yield stress in reached, followed by a sudden
drop as the neck is formed. Throughout the process of necking, the engineering stress
remains at a constant level. The dashed line in the graph represents the local draw
ratio in the neck (underneath the imperfection), as function of the nominal draw ratio.
Immediately after yielding, the draw ratio increases rapidly and levels off to a merely
constant value, indicating that the deformation is stabilised in the neck. The exact value
at which the neck is stabilised is of course dependent on the value of the yield stress,
the strain softening, and strain hardening. Once the neck reaches the tabs of the tensile
bar (figure 4.4d), stress and draw ratio increase again until failure occurs.
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Figure 4.5: Numerical tensile test on PC: engineering stress (solid) and draw ratio in the
neck (dashed) versus the nominal draw ratio.

The influence of thermal history

The intrinsic behaviour of glassy polymers is known to be dependent on the thermal
history [17, 19] and figure 4.6 shows that annealing induces a slight increase in yield
stress of, in this case, polycarbonate (Lexan 101R). The change in strain softening (or
yield drop) equals the increase in yield stress since the large strain behaviour (strain
hardening), remains unaffected by annealing. The subtle changes in strain softening
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Figure 4.6: Compression experiments demonstrating the influence of aging on the intrinsic
behaviour of PC: an increase in yield stress and strain softening.

can have major consequences for the macroscopic deformation behaviour. Figure 4.7
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shows the stress-strain curves of uniaxial tensile tests on Makrolon CD2000, before and
after thermal treatment. For the injection moulded tensile bar, a neck appears shortly
after yielding (see figure 4.7a and 4.8a) and the process continues as described before.
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Figure 4.7: Effect of thermal treatments on the macroscopic deformation: necking in injec-
tion moulded PC (a), embrittlement after annealing (b), and renewed necking
after heating above Tg and subsequent rapid cooling (c).

In the annealed material, brittle fracture is observed in the apparent elastic region, well
below the macroscopic yield stress (see figure 4.7b and 4.8b). The enhanced intrinsic
strain softening after annealing (see figure 4.6), induces a more severe localisation of
strain during deformation, which, due to the limited tensile strength of this low mole-
cular weight grade, can not be stabilised.
That this brittle fracture is indeed caused by changes in intrinsic properties and not by
degradation can be witnessed from the fact that the phenomenon is reversible. By bring-
ing the annealed material again above its glass transition temperature and subsequent
rapid cooling, stable neck growth is observed again in a tensile test (see figure 4.7c),
similar to the behaviour of the injection moulded material prior to the treatments.

(a) injection moulded (b) annealed (c) pre-deformed

Figure 4.8: Influence of thermo-mechanical history on macroscopic deformation of Makro-
lon CD2000, from necking in the injection moulded material (a), to brittle
fracture after annealing (b) and homogeneous deformation after rolling (c).
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The influence of mechanical history

Mechanical rejuvenation, also referred to as mechanical pre-conditioning or pre-defor-
mation, has proven to be an effective method for the reduction, or even elimination, of
strain softening. Bauwens [23] showed that by alternating bending prior to a tensile
test, homogeneous deformation behaviour can be achieved for PVC samples. Similar
results were reported by Govaert et al. [24] and Tervoort and Govaert [5] who pre-
conditioned cylindrical tensile bars of polycarbonate by torquing and studied macro-
scopic deformation behaviour before and after rejuvenation in tension. Uniaxial com-
pression tests showed that the significant amount of strain softening (see figure 4.1) was
eliminated while the large strain behaviour (strain hardening) remained unchanged.
The elimination of strain softening prevented localisation of strain and neck-formation
and hence the pre-conditioned samples exhibited uniform deformation behaviour. Fi-
gure 4.8c and 4.12 shows the homogeneous deformation of a rolled (thickness reduc-
tion of 15%) polycarbonate bar and illustrates this effect. It must be noted that strain
softening restores in time; the yield stress and yield drop increase again, on a time scale
of months, resulting in renewed neck formation in a uniaxial tensile test [37].

Results of a neck-stability analysis

The stability of macroscopic deformation in tension can be predicted if the intrinsic de-
formation behaviour, i.e. the yield stress, rejuvenated yield stress, and strain hardening
modulus are known up-front.
The approach of Haward [38] will be followed, who considered a material with no
strain softening (yield stress equal to the rejuvenated yield stress �y;r, see figure 4.12a)
and neo-Hookean strain hardening (with modulus GR). Under the influence of ageing,
the yield stress is assumed to increase according to: �y = �y �y;r, where �y is an ar-
bitrary multiplier (larger than 1) that can be determined experimentally. This simple
approach is not quite as accurate as the equations in the numerical model, but enables
a straight-forward neck-stability analysis.
A stable neck is formed if the load transferred by the neck equals the load required to
induce yielding in the undeformed zone. Neglecting the small strain in the elastically
deformed zones (i.e. � = 1), the expression for equilibrium is given by:

�y �y;r A0 =

�
�y;r +GR

�
�
2

n �
1

�n

��
A0

�n

(4.20)

where A0 is the initial cross-section of the bar and �n the draw ratio in the neck. Equa-
tion 4.20 can be rearranged into:

�y;r

GR

=
�
2

n � 1

�n

�y�n � 1
(4.21)

In figure 4.9a, equation 4.21 is graphically represented. The solid line represents the
lines of equilibrium for rejuvenated (�y=1). In the original analysis, without strain
softening [38], it was already shown for a ratio of yield stress and strain hardening mo-
dulus smaller than 3 homogenous deformation must be observed and a ratio above this
value stable neck growth is encountered in a uniaxial tensile test. Figure 4.9 shows that
polycarbonate, which has a rejuvenated yield stress, �y;r of 45 MPa and a strain harde-
ning modulus, GR of 29 MPa (and thus a ratio �y;r

GR

, of 1.55, indicated by the dashed
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line), is situated well below the equilibrium line of �y = 1. Therefore homogeneous
deformation is predicted for rejuvenated polycarbonate in uniaxial tension, which is
consistent with the observations of rolled polycarbonate samples that exhibit homoge-
neous deformation without necking (see figure 4.8c).
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Figure 4.9: Stability analysis, analogous to [38]: homogeneous deformation below a ratio
�y;r
GR

of 3 and above stable neck growth (a). Prediction of the deformation mode
for two PC grades (b). Solid lines represent the equilibrium lines of stable neck
growth at distinct �ys (see equation 4.20), the dashed line indicates a ratio
�y;r
GR

of 1.55 (characteristic for PC), and the dotted lines represent the tensile
strength limits, depending on molecular weight (see equation 4.22).

Once a polymer exhibits strain softening (�y > 1), the eq. line drops initially to zero,
which, from a mechanical point of view, means that strain localisation is inevitable. The
additional solid lines in figure 4.9 represent injection moulded polycarbonate, with a
yield stress of approximately 63 MPa (�y = 1.4) and annealed polycarbonate, where
the yield stress rises to 73 MPa (�y = 1.62), respectively. The dashed line and the
equilibrium line intersect at a �n of around 1.7, approximately the draw ratio observed
during neck growth. (see figure 4.5). Upon annealing the equilibrium line drops fur-
ther and is crossed by the dashed line at a draw ratio of 2. This illustrates that after
annealing a higher load has to be transferred by the polymer network, accompanied by
a higher �n, to stabilise the deformation.
As proposed by Flory [39] and shown for polystyrene by Merz et al. [40] and McCormick
et al. [41], the tensile strength of polymers increases with the number-averaged mole-
cular weight. The maximum stress that can be transferred by the polymer network is
dependent on the molecular weight of the grade and is assumed to be equal to �t �y;r,
where �t is a multiplier which can be determined experimentally. The tensile stress at
the moment of failure equals the rejuvenated yield stress plus the stress transferred by
the polymer network, which can be rearranged according to:

�t�y;r = �y;r +GR

�
�
2

n �
1

�n

�
! �y;r

GR

=
�
2

n � 1

�n

�t � 1
(4.22)

This equation is represented by the dotted lines in figure 4.9 for Makrolon CD2000 (�t
= 120 MPa, �t = 2.67) and Lexan 101R (�t = 165 MPa, �t = 3.67 ) [42].
For the Lexan 101R, with a relative high molecular weight, the tensile strength at failure
is sufficiently high. However, for the Makrolon CD2000, the dotted line of tensile maxi-
mum strength is crossed by the dashed line, in case of annealing, before the equilibrium
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line is reached. This means that fracture occurs before the neck is stabilised (see figure
4.8b). This analysis illustrates that the embrittlement of polymers like polycarbonate in
uniaxial tension, is strongly dependent in this example on the molecular weight (via �t)
and annealing time (via �y).

Deformation and localisation processes in polystyrene

Results of FEM simulations

Now we investigate the influence of intrinsic properties on localisation in polystyrene
(ignoring mechanisms like crazing, which will occur as a result of severe strain locali-
sations, see for these aspects [30–32]). Figure 4.10 shows the simulation of a tensile
test on polystyrene. Initially the deformation is similar to polycarbonate, as shown in
figure 4.4, homogeneous, elastic deformation until yielding occurs at the imperfection
(see figure 4.10a). The pronounced strain softening exhibited by polystyrene, induces
a much more severe localisation of strain, the stress drops drastically after yielding and
hardly rises again at large strains due to insufficient strain hardening. The differences
in draw ratio illustrates this the more, varying from 1 to 4 for polystyrene in figure 4.10,
whereas for polycarbonate this range was only 1 to 1.8, see figure 4.4. The deformation
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Figure 4.10: Numerical simulation of a tensile test on PS: unstable growth.

keeps on localising, as shown in figures 4.10b-d, without stabilisation. Ultimately, the
tensile strength in the deformed region will be exceeded. At a local draw ratio of 4,
close to the theoretical maximum draw ratio [1, 2] the simulation is stopped. Hence,



Localisation phenomena in glassy polymers 49

the intrinsic behaviour of polystyrene does not allow stable deformation behaviour. Its
large amount of strain softening and weak strain hardening result in extreme localisa-
tion of strain which can never be stabilised. This clearly demonstrates why injection
moulded polystyrene at room temperature can not exhibit ductile or tough deformation
behaviour.

The influence of mechanical history

Mechanical rejuvenation can also be applied to polystyrene. However, due to its craze-
sensitivity this can not be achieved by torquing and but has to be performed by rolling.
This procedure, reported by Broutman for various amorphous polymers, excluding poly-
styrene, [16, 43], was applied by Govaert et al. [25] to polystyrene (N5000). They
showed that a thickness reduction of 30% was sufficient to remove any strain softening
in a polystyrene sample. In a subsequent tensile test the macroscopic response of the
rejuvenated material was determined where injection moulded material suffered from
crazing and brittle fracture at macroscopic strain of 2% (see figure 4.11a). The rejuve-
nated material deformed homogeneously up to strains exceeding 30%. As demonstrated

(a) injection moulded (b) pre-deformed

Figure 4.11: Macroscopic deformation behaviour of PS, before (a) and after rolling (b).

in figure 4.11b, pre-deformed polystyrene can be curled without the initiation of any
crazing process. In figure 4.12a the stress-strain curves of polystyrene and polycarbo-
nate tensile bars are presented, tested immediately after rolling. The yield stress has
decreased dramatically and strain softening is virtually eliminated. As a consequence,
homogeneous deformation is observed in these tensile tests. As mentioned before, the
yield stress recovers again with ongoing time. Since the large strain behaviour remains
unaffected by mechanical rejuvenation and ageing, strain softening recovers in pace
with the yield stress. The yield stress as function of time after rolling (ageing time) is
given in figure 4.12b.
Although some molecular orientation occurs during rolling, this can not be held respon-
sible for the enhanced ductility for two reasons. Broutman et al. [16,43] demonstrated
that the Izod impact strength on rolled polycarbonate is only slightly influenced by the
test angle relative to the roll-direction. Moreover, the enhanced ductility and the reduc-
tion in strain softening are, similar to polycarbonate, only of temporary nature, whereas
molecular orientation does not relax on this time-scale. In time, yield stress and strain
softening increase, resulting in renewed localised deformation, crazing and brittle frac-
ture on a time-scale of hours to days [44].
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Figure 4.12: Deformation behaviour (a) and ageing kinetics (b) of PS and PC after rolling.
The lines in graph b are drawn as a guide to the eye.

This graph clearly demonstrates that the recovery of yield stress in polystyrene occurs
much faster than that for polycarbonate. This also explains why renewed brittle fracture
returns on a much faster time-scale in polystyrene than necking in polycarbonate.

The influence of testing temperature

It is well known that at a temperature of 80-90ÆC, a brittle-to-ductile transition is
achieved in a tensile test on polystyrene [45, 46]. This phenomenon originates from
changes in intrinsic behaviour at this temperature, as similar to the yield stress, strain
softening displays a dependence on temperature. In figure 4.2b it was already shown
that for polystyrene, tested in uniaxial compression at a strain rate of 10�3 s�1, both
yield stress and strain softening decrease with increasing temperature. The amount of
strain softening at 80ÆC is only approximately 30% of the amount of strain softening at
20ÆC.
Since a reduction in strain softening can have major consequences for the macroscopic
deformation behaviour, a finite element simulation of a uniaxial tensile test on polysty-
rene is performed at an elevated temperature of 90ÆC. Figure 4.13 shows the results of
this simulation. Despite the fact that the geometry of the model is identical to the ge-
ometry used in the previous simulations of figure 4.4 and 4.10, the slight imperfection
does not induce inhomogeneous deformation at the onset of yielding (figure 4.13a) and
as a result, nearly homogeneous deformation is observed during deformation, see figure
4.13b. Only the diamond marker, positioned close to the tab of the tensile bar, lays back
slightly as the local cross-section reduces slower and the strain is lower in this position
(figure 4.13c and 4.13d).
This simulation is consistent with experimental observations. Tensile tests performed at
temperatures ranging from 20 to 100ÆC (around Tg), demonstrate that localisation of
strain is indeed greatly reduced or even absent (figure 4.14a). From a testing tempera-
ture of approximately 90ÆC (depending on the thermodynamical state of the material),
similar to the numerical simulations, homogeneous deformation is observed in these
tensile tests. Figure 4.14b summarises this temperature induced brittle-to-ductile tran-
sition for polystyrene. The exact temperature at which this transition occurs is of course
also dependent of the thermo-mechanical history of the material.
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Figure 4.13: Numerical simulation of a tensile test on PS at 90ÆC: homogeneous deforma-
tion.
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Figure 4.14: Experimental tensile tests on PS at elevated temperatures (a), resulting in a
brittle-to-ductile transition (b).

The stabilising influence of rubber inclusions

By increasing the strain hardening contribution of the polymer network, a more stable
deformation behaviour can be achieved, e.g. by cross-linking of polystyrene [7] or by
blending with polyphenylene oxide (PPO) [6, 9–13]. Apart from changing the intrinsic
network density of polystyrene, local strain hardening of deforming ligaments can be
induced by the addition of rubber particles. Heterogeneous systems are necessary any-
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way to relieve local triaxial stress states in all polymer systems to circumvent defect and
notch sensitivity [47–49], but this is out of the scope of the present paper. Here we only
demonstrate how the ultimate impact modifier, which is a (small), core-shell rubber
particle with a pre-cavitated core and a rather stiff rubbery shell [49,50] stabilises local
deformation zones in polystyrene. The tensile bar now is modelled covered by a rubber
layer, the thin extra layer at the surface, in figure 4.15.
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Figure 4.15: Numerical simulation illustrates the stabilising effect of a rubber shell on the
deformation of a PS tensile bar.

Similar to the simulations of figure 4.4, inhomogeneous deformation is induced by the
imperfection at the onset of yielding (figure 4.15a). As can be seen in figure 4.15b
the force transferred by the tensile bar itself is not sufficient to induce yielding in the
adjacent material. However, the load bearing capacity of the rubber shell supports
the deformation in the tensile bar, stabilises the neck and transfers the deformation
to shoulder of the neck (figure 4.15c). Therefore, stable neck growth is observed and
the entire tensile bar is plastically deformed already at a macroscopic draw ratio of
approximately 2 (figure 4.15d, compare with figure 4.10b-d). A thin shell with a rather
high modulus (150 MPa) was chosen here to illustrate the stabilising effect over the
entire length of the tensile bar, but already for a rubber modulus of 30 MPa (of course
dependent on the thickness of the layer) stabilisation is achieved. However, simulations
up to very large strains would be required to visualise this stable deformation behaviour.
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4.5 Conclusions

The macroscopic deformation behaviour of glassy polymers is dominated by the intrin-
sic post-yield behaviour. The subtle interplay of strain softening and strain hardening
is demonstrated by finite element simulations of inhomogeneous deformation of po-
lycarbonate in tension. Changes in strain softening due to annealing or mechanical
pre-conditioning, have major consequences for the macroscopic deformation behaviour,
ranging from homogeneous deformation after mechanical rejuvenation of brittle poly-
mers to brittle fracture after annealing of ductile polymers.
A neck-stability analysis demonstrated that the macroscopic response in tension can be
predicted if the intrinsic properties are known up-front. This analysis emphasises the
sensitivity of the macroscopic deformation behaviour on the thermo-mechanical history
and the influence of the molecular weight.
Finite element simulations of polystyrene in tension showed the extreme localisation of
strain which occurs due to the pronounced strain softening and weak strain hardening.
In the simulations here failure mechanism like crazing were not considered, they are a
topic of a forthcoming paper [32].
Mechanical pre-deformation of polystyrene results in ductile deformation behaviour in
tension [25]. However, this enhanced ductility is of transient nature [44]. The recovery
of yield stress and strain softening results in renewed severe localisation of strain and
brittle fracture. Applying a similar rolling procedure to polystyrene and polycarbonate
reveals that the time-scale on which yield stress and strain softening recover are very
much different. The origin of this difference in transient behaviour is most probably
related to the physical origin of strain softening and a discussion on this topic can be
found in [44]. Finally it is investigated how a local support of a deforming fibril by
a rubber shell, part of a rubber modified material, indeed can induce delocalisation in
polystyrene.
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Chapter 5

Craze-initiation in glassy polymers:
influence of strain rate, thermal
history, and network density

Initiation of a localised plastic zone is numerically simulated using a con-
stitutive model that incorporates an accurate description of the post-yield
behaviour with the important phenomena of strain softening and strain har-
dening. Subsequent nucleation of voids in the deformation zone is detected
using a hydrostatic stress criterion. This criterion is identified and validated.
A micro-indenter with a sapphire sphere is used to produce indents that are
later examined with an optical microscope. These observations lead to a
critical force at which crazes are initiated in polystyrene. Combining these
experiments with a numerical study shows that the loading part of indenta-
tion can be accurately predicted. A critical hydrostatic stress of 40 MPa is
extracted from the numerical model by monitoring of the local stress field
at the moment that the indentation force reaches the experimentally deter-
mined force level at which crazes were found to initiate. This criterion is
validated by indentations on samples with different thermal histories, and at
various loading rates. Finally, the influence of network density on the value
of the hydrostatic stress criterion is investigated by indentation of blends of
polystyrene and poly(2,6-dimethyl-1,4-phenylene-oxide). It is shown that
the critical hydrostatic stress increases with network density.

Reproduced from:

Craze-initiation in glassy polymers: influence of strain rate, thermal history and network density
H.G.H. van Melick, O.F.J.T. Bressers, J.M.J. den Toonder, L.E. Govaert, H.E.H. Meijer, submitted to
Polymer.
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5.1 Introduction

Macroscopic brittle fracture of glassy polymers is generally preceded by formation of
crazes, small crack-like defects, of which the opposite faces are bridged by super-drawn
fibrils. Crazes have, due to these fibrils, unlike real cracks, some load-bearing capac-
ity and when viewed on a microscopic level, they display large plastic deformations.
For this reason, crazes are the most important source of fracture toughness in brittle
glassy polymers, even though the material volume involved in the deformation is gen-
erally small. It is, therefore, not surprising that a vast amount of research has been
performed in the past on all aspects of crazing: craze nucleation, growth and failure,
the micro-structure of crazes, the influence of molecular parameters, etc., and a number
of excellent reviews are available [1–4].
Figure 5.1 depicts some of the microscopic events that are likely to be involved in craze
nucleation [2]. First, plastic deformation starts at a local stress concentration. The non-
linear nature of the yield process and the strain softening character of polymer glasses
result in localisation of deformation as plastic strain increases. Since the material at
some distance of the local deformation zone is relatively undeformed, the differences
in volumetric strain induce a build-up of triaxial stresses. At this stage two possibilities
exist. Typically for (unnotched) polycarbonate, the strain-hardening response of the
material can stabilise the strain-localisation process and the micro-shear band spreads
out. It has been shown [5] that the hydrostatic stress required to plastically expand a
micro-porous region is greatly reduced if the material is in a state of flow. The initiation
of the dilatation process is enhanced by the more severe localisation, as found in (un-
notched) polystyrene (and also in notched polycarbonate), since the dilative stresses
become so large that void nucleation occurs and, finally, crazes develop in the deforma-
tion zone.
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Figure 5.1: Schematic drawing of microscopic events involved in craze nucleation: a) for-
mation of a localised surface plastic zone and build-up of lateral stresses, b)
nucleation of voids in the plastic zone and c) deformation of the polymer liga-
ments between voids and coalescence of individual voids to form a void network
(after [2]).

From this sequence of events, it is clear that the macroscopic failure behaviour of glassy
polymers is determined by two factors: 1) the intrinsic post-yield behaviour of the ma-
terial, and 2) its resistance against void-nucleation.
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The post-yield behaviour of glassy polymers is characterised by strain softening and
strain hardening [6] and, although the exact molecular origin of strain softening is still
largely unknown, it is well documented that strain softening exhibits a pronounced de-
pendence on the thermal and mechanical history [6–13]. Slow-cooling rates tend to
increase strain softening, whereas quenching leads to moderate or, in case of polyvinyl-
chloride (PVC), even negligible softening [7]. The phenomenon appears to be related to
the erasure of physical ageing effects by plastic deformation: mechanical rejuvenation.
The origin of strain hardening is well established: a contribution of the entanglement
network as a result of stress-induced segmental mobility [6,12,14].
The extent to which polymers are susceptible to strain localisation is determined by
a subtle interplay between strain hardening and strain softening [15]. The initiation
of localised deformation zones is governed by strain softening, which allows the zone
to grow with decreasing stress, elastically unloading its surrounding. The amount of
strain hardening determines whether or not the deformation zone is stabilised [15–17].
Strain softening, however, appears to be the key factor in this localisation phenomenon.
Upon removal, or strong reduction, of strain softening through thermal (quenching) or
mechanical (plastic pre-deformation) methods, the occurrence of strain localisation is
inhibited. Prime examples are homogeneous deformation of quenched PVC [7] and re-
markable transition from crazing to macroscopic plastic flow in polystyrene after a me-
chanical treatment consisting of a thickness reduction of 30% by means of rolling [13].
These effects are, however, of a temporary nature, as strain softening tends to return in
time as a result of physical ageing [13,15].
In the past 15 years, considerable effort was directed towards the numerical simulation
of strain localisation phenomena. The development of 3D constitutive models that were
able to capture the post-yield behaviour of glassy polymers started off with the work of
Boyce and co-workers at MIT [18–21]. This work was later followed by studies of the
group of van der Giessen [22, 23] and our group [11, 12, 24–30]. As a result of these
activities the numerical simulation of plastic localisation in various loading geometries
is now well established.
Also substantial research effort has been conducted in the identification of craze initi-
ation criteria for amorphous polymers. Narisawa and co-workers investigated a range
of amorphous polymers, mostly in notched tensile and bending tests, and determined
values for critical dilative stresses [31–33]. However, considering the defect sensitiv-
ity and, consequently, initiation of crazes at the surface, such a test is inappropriate
for polystyrene. This was recognised by Camwell and Hull [34], who compressed a
polystyrene sheet between flat dies, during which both shear bands and crazes were
generated in the same specimen. Narisawa et al. [32] slightly modified this experiment
into a plane-strain indentation between parallel plates using a flat-punch. Using Hill’s
slip-field line theory, they derived a critical hydrostatic stress of around 25 MPa for poly-
styrene, although the validity of their approach was questioned by Kells and Mills [35]
in a similar approach. The adequate description of the small and large strain defor-
mation behaviour of glassy polymers by using the compressible Leonov model, enabled
us, in a combined experimental and numerical study, to monitor the stress/strain fields
in this plane-strain indentation test, that indeed included large local plastic deforma-
tion [36]. Despite the elegance of the indentation technique to generate a craze in the
bulk (rather than at the surface) of the material in a reproducible way, two major draw-
backs were encountered. First, the size of the specimens (60x20x6 mm3) resulted in
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some uncertainty about the exact thermodynamical state of the material and makes a
clear distinction between quenched and annealed material virtually impossible. Hence
the exact intrinsic properties which are required in the finite element analysis can not be
determined. Second, a clear influence of friction and lubrication between the support-
ing plates, providing the plane strain conditions, was observed at the high indentation
loads (� 9 kN). The stress fields in the experiments most probably will not be equal to
these corresponding to the true plane strain conditions in the simulations. Most striking
in this respect is the inability to capture the force-displacement curve in a quantitative
way, for which the numerical model had already proven its capability in compression,
tension and, in a more complex geometry, spherical indentation tests [11,12,37]. In an
axisymmetric setup the friction problems could be solved but, due to the larger sample
size, more problems would arise concerning the thermodynamical state of the material.

In conclusion an experiment is required that circumvents the defect-sensitivity of poly-
styrene, that allows for thin samples with a well-defined thermal and mechanical history
and that can be described accurately by finite element simulations. As a spin-off from
a previous project [37], indentation with spherical indenters on flat polymeric surfaces
has proven to be an accurate experiment to generate crazes in a well-controlled and
reproducible way. At a certain load during indentation, pile-up of material occurs next
to the contact area between indenter and polymer. Besides plastic deformation, positive
hydrostatic stresses evolve in this pile-up which results in small crazes just below the
surface of the polymer. To identify the local stress distribution within the pile-up, finite
element simulations of the indentation experiment can be performed. As a material
model, the compressible Leonov-model [11,24,25] is used, which captures the complex
yield behaviour of glassy polymers quite well. The capability of this model to describe
the indentation of amorphous polymers was already shown [37]. The hydrostatic stress
criterion is obtained by a combination of numerical simulations and experimental ob-
servations. From the experiments the force is recorded at which crazes are initiated.
Using a numerical simulation the critical hydrostatic stress is identified as the maxi-
mum hydrostatic stress in the pile-up zone at this specific indentation force.
The applicability of the criterion obtained is subsequently investigated by comparing
numerical predictions of craze initiation with experimental observations at various load-
ing rates (i.e. indentation force rates) and on samples with different thermal histories
(quenched and annealed PS). Using the same approach the influence of network density
on the critical hydrostatic stress is studied by indentation of blends of polystyrene and
poly(2,6-dimethyl-1,4-phenylene-oxide) (PPO).

5.2 Materials and experimental methods

Materials

The base materials used were commercial polystyrene (Styron 634, Dow Chemical) and
two blends of polystyrene (PS) and poly(2,6-dimethyl-1,4-phenylene-oxide) (PPO 803,
General Electric Plastic), that contained respectively 20% and 40% PPO. The granular
material was compression moulded into plates of 100x100x3 mm3 in a stepwise manner.
In the middle of the mould a thin glass-plate was placed to obtain a smooth surface,
suitable for indentation.
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The material was pre-heated in the mould at 90ÆC above its glass-transition temperature
(Tg) for 15 minutes and then compressed in 5 minutes, at the same temperature, in 5
steps of increasing force (up to 300 kN). In between these steps, pressure was released
to allow for degassing. The mould was then placed into a cold press and cooled to room
temperature at a moderate force (100 kN).
From the centre of these plates small square platelets were cut (20x20 mm2). In order
to eliminate residual stresses and thermal history effects the platelets were heat-treated
for 30 minutes at 15ÆC above Tg. Subsequently, the platelets were given a thermal
treatment, either annealing or quenching. During annealing the samples were held at
20ÆC below Tg for three days and, subsequently, slowly cooled in one day in an oven
to room temperature. During quenching the samples were cooled rapidly in ice-water
from 15ÆC above Tg.

Experimental setup

Indentations were performed on a micro-indenter; a custom-designed apparatus at
Philips Research Laboratories in Eindhoven. The forces which can be measured, range
from 20 mN up to 20 N with an accuracy of 2 mN; the accuracy of the displacement
is 20 nm. Forces and displacements were measured by means of coils at the bottom of
the indenter column. The indenter used was a sapphire sphere, with a radius of 150
�m, glued onto a brass holder. The compliance of the apparatus was determined by a
reference measurement on silica glass. The elastic indentation depth-force curve was
predicted by Hertz’ theory. From the deviation between the theoretical and experimen-
tal curve, the compliance was determined to be 6�10�2 �mN�1, and the corresponding
stiffness of the measuring system is 1.67�107 Nm�1.
A typical indentation procedure starts with a position-controlled movement of the in-
denter towards the sample until the surface is contacted, with a pre-load of 5 mN. Next
the platelet is loaded, in force control, up to a predefined maximum force at force rates
ranging from 10 mNs�1 up to 1 Ns�1. When a predefined maximum force is reached,
the indenter is retracted in position control. The retraction velocity is adjusted to the
loading rate to keep the time of loading and unloading identical. During indentation
both the load and the displacement are recorded. The experiments are performed in a
sequence of increasing force steps. At each step of 0.5 N, the indentations are repeated
at least 10 times. After the experiments, the indents are examined using an optical
microscope (Leica DM/RM) to check whether crazes were formed by the force applied.
This microscope uses polarised light for the interference contrast to visualise the crazes.
To obtain the material parameters, required for the numerical simulations, uniaxial
compression tests were performed on a servo hydraulic MTS Elastomer Testing System
810. Cylindrical specimens (?6 mm x6 mm) were compressed at room temperature
and a constant logarithmic strain rate between two parallel, flat steel plates. The fric-
tion between the sample and the steel plates was reduced using PTFE tape (3M 5480,
PTFE skived film tape) on the sample and a soap-water mixture on the surface between
the steel and the tape. No bulging or buckling of the sample was observed, indicating
that the friction was sufficiently reduced. A constant true logarithmic strain rate varying
from 10�4 up to 10�2 s�1 was achieved in strain control.
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5.3 Numerical methods

To obtain a quantitative criterion for craze nucleation, numerical simulations of the in-
dentation experiment were carried out. Information that could not be extracted from
the experiments, such as stresses and strains in the indented material, were derived
from the model. By comparing the computed forces and displacements with the exper-
imental results, the numerical model was validated. From the experiments a critical
force for craze initiation was determined and from the accompanying simulations a
quantitative craze-nucleation criterion was derived.

Material model

Numerical simulations are only useful if the intrinsic deformation behaviour is covered
well. In previous work, an elasto-viscoplastic constitutive equation for polymer glasses
was introduced, the so-called compressible Leonov-model, of which the relevant equa-
tions are briefly summarised in the appendix. The nomenclature and meaning of the
material parameters used in this study can be found in [11,24,25].

FEM model

Two deformable bodies are considered: the indenter and the material examined. The
contact between indenter and sample is assumed to be frictionless (the influence was
examined by varying the friction in the model and was found to be negligible). In
the axisymmetric model, the polystyrene sample chosen is large enough to prevent the
edges influencing the stress-distribution, and the sapphire indenter is modelled as a
half-sphere (see figure 5.2a). The z-axis is the axis of rotational symmetry.

z

r

a

b

b

Figure 5.2: Finite element mesh used in simulations: (a) indenter (left) and sample, (b)
zoomed region with mesh-refinement.

Axisymmetric conditions require the nodes positioned on the z-axis to be fixed in radial
direction. Furthermore, rigid-body movement of the sample is prevented by fixation on
the right-hand side. The deformable indenter, which can only be moved in x-direction,
is loaded on the left-hand side and pressed into the sample at a constant, pre-defined
loading rate.
The materials used in the numerical simulations were sapphire (indenter) and polysty-
rene. The sapphire was assumed to be linear elastic and properties were taken from
literature (E=304 GPa and �=0.234 [38]), whereas the parameters of the polystyrene
were extracted from uniaxial compression tests, represented below.
To exclude any mesh-dependence a stepwise element refinement was performed until
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the solution converged to a steady, mesh independent, result. In order to prevent ex-
cessive computation times the mesh refinement was restricted to areas of interest (see
figure 5.2b).

5.4 Results

Materials characterisation

Bulk properties

Material parameters required for the numerical simulations are extracted from uniaxial
compression tests at room temperature. In this loading geometry localisation of defor-
mation is inhibited and the true stress/true strain behaviour can be obtained up to large
(compressive) strains. Figure 5.3 shows the rate dependence of PS at strain rates rang-
ing from 3�10�4 up to 3�10�3 s�1, representative for the strain rates occurring during
indentation.
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Figure 5.3: Rate-dependent compressive behaviour of polystyrene, experiments (circles) and
simulations (solid lines).

The strain rate predominantly influences the level of the yield stress and has a less pro-
nounced influence on the post-yield behaviour: strain softening and strain hardening.
The solid lines in figure 5.3 are predictions using the compressible Leonov-model with
the parameters indicated in table 5.1. From the yield stresses, obtained at various strain
rates, the model parameters A and �0 can be determined. The softening parameters D1

and h are fitted on the compression curve at 1�10�3 s�1, whereas the strain hardening
modulus is defined as the slope of the curve at large strains of the true-stress versus
�
2 � �

�1 (neo-Hookean behaviour). For the modulus E and the Poisson ratio �, litera-
ture values are taken [39].
The one-mode model used here assumes linear elastic behaviour up to the yield point,
and as a result the strain at yield is slightly under-predicted. Since, in reality, the pre-
yield behaviour is (non-linear) visco-elastic, the model can be expected to be less sat-
isfactory in predicting the behaviour in the unloading part of the indentation. A multi-
mode version of the model performs much better, see e.g. [25], but requires too much
computational time for the problem under consideration. Moreover, an accurate de-
scription of the loading curve proves to be more relevant for this investigation than that
of the unloading curve. The rate dependence of the yield point is captured quite well
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by a single Eyring process, although the strain softening is slightly under-predicted for
large strain rates and slightly over-predicted for low strain rates.

Thermal history

It is well known that physical ageing influences the yield behaviour of glassy polymers.
This was first observed by Horsley [40] in 1958 for PVC, and later this was reported for
PC [6] and PS [8,41]. Figure 5.4 presents the experimental results of compression tests
on two PS samples, differing in thermal history .
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Figure 5.4: Influence of thermal history on intrinsic behaviour in compression experiments:
annealing results in an increased yield stress and strain softening.

The yield stress and the amount of strain softening are higher for annealed than for
quenched polystyrene, whereas the large strain behaviour remains unchanged. From
a true strain of approximately -0.2 the initial difference has vanished and the thermal
history does not influence the deformation behaviour anymore. The material is in a so
called rejuvenated state [8]. Since the thermal history influences the yield stress and
strain softening, the time constant of the viscosity A, the softening slope h and softening
limit D1 are adapted. In table 5.1 the material parameters for all materials used are
given.

Network density

To investigate the influence of network density on crazing behaviour, various PS/PPO
samples (0, 20 and 40% PPO) are subjected to indentation experiments. The network
density of PS/PPO, a compatible mixture in all ratios, increases with increasing fraction
PPO, which enhances the strain hardening contribution at large strains (see figure 5.5)
Along with the ability of the compressible Leonov model to capture the deformation
behaviour of the PS/PPO blends (solid lines), figure 5.5 shows that the yield stress is
largely unaffected and the strain softening decreases with increasing PPO fraction. The
latter is attributed to the fact that stabilising influence of the strain hardening has a no-
ticeable effect at small strains. In table 5.1 the material parameters for PS/PPO blends
are also given.
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Figure 5.5: Compressive behaviour of PS/PPO blends: increased network density results in
an enhanced strain hardening contribution.

material E

[MPa]
A [s] �0 [MPa] h [-] D1

[-]
GR

[MPa]
PS, quenched 3300 2:6 � 108 2:56 40 7 11

PS, annealed 3300 1:0 � 1012 2:56 75 11 11

PS/PPO 80/20 3000 1:0 � 1011 2:63 65 13 25

PS/PPO 60/40 2700 1:4 � 1010 2:63 68 20 50

Table 5.1: Material parameters for all materials, derived from uniaxial compression tests, used
as input for the simulations.

The Poisson ratio (�=0.37) is not incorporated in the table as it is assumed to be iden-
tical for all materials.

Indentation experiments

Reference sample

To investigate the reproducibility and accuracy of indentations, a reference sample of
annealed polystyrene is indented in a sequence of one hundred indentations. Figure 5.6
presents a series of representative indentation curves, differing in maximum load level.
The coinciding experimental curves (markers) at distinct maximum load levels illustrate
the reproducibility and accuracy of the experiments. The numerical simulation of the
indentation process (solid line), gives a good agreement in the relevant portion. Only a
slight adjustment had to be made to the time-constant A to account for the difference in
yield stress, due to thermal history effect, of the indentation and uniaxial compression
samples. In the parameter set for annealed polystyrene of table 5.1, this was already
accounted for.
The force-displacement curves are characteristic for polymer indentation: a monotonic
rise of the loading curve and, after a force maximum, an unloading curve with a grad-
ually decaying slope. The area between the loading and the unloading curve repre-
sents, besides the work required to deform the material plastically, a time-dependent
component. Upon unloading the deformed material will experience relaxation which,
dependent on the time-scale of the experiment, will continue after unloading. This
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Figure 5.6: Experimental force-displacement curves of indentations on PS at various load
levels (different markers); the solid line represents the numerical simulation.

time-dependent relaxation behaviour is also responsible for the smooth transition from
loading to unloading at the load maximum, and the gradual decay of the slope of the
unloading curve at low forces.

Loading rate and thermal history

That indentation experiments are sensitive enough to discriminate strain rate and ther-
mal history effects, can be seen in the results shown in figure 5.7. Since the loading
curve is predominantly determined by the yield stress and elastic modulus, an increas-
ing strain rate raises the resistance to indentation and results in a steeper loading curve.
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Figure 5.7: Influence of strain rate (a) and thermal treatments (b) on the experimental
indentation curves (markers) of PS, solid lines represent numerical simulations.

Annealing induces a subtle increase in yield stress relative to a quenched sample (see
figure 5.4). Since it is known that thermal history has only a slight influence on the
elastic modulus [42], the increased resistance to indentation after annealing can be
fully attributed to the increased yield stress after annealing.

Network density

The indentations performed on PS/PPO demonstrate the difficulty in discriminating
between the contribution of modulus and yield stress on the loading curve. Figure 5.5
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and the values in table 5.1 show that with increasing PPO fraction, the modulus slightly
decreases while the yield stress slightly increases. The influence of these counteracting
effects is shown in figure 5.8: for PS/PPO with 20% PPO (squares) the resistance to
indentation increased relative to pure PS (circles) while for 40% PPO (triangles) and
pure PS the loading curves coincide. The remaining plastic indent indicates that there
is indeed a difference between PS and PS/PPO with 40% PPO.
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Figure 5.8: Experimental force-displacement curves for PS (circles), PS/PPO 80/20
(squares) and PS/PPO 60/40 (triangles), the solid lines to guide the eye.

Identification of a craze-nucleation criterion

Reference sample

At high indentation loads crazes are formed, departing from the edge of the contact,
between indenter and sample, in radial direction, see figure 5.9b. In-situ monitoring of
the indentation process showed that these crazes are initiated in the loading stage of
the experiment. A sequence of indentation experiments, with a load rate of 0.1 Ns�1,
increasing in force (at least 10 indentation at each force step) are performed on the
reference sample (annealed PS). At each force step, the number of crazes were counted.
Figure 5.9a shows the number of crazes observed after indentation, at various load
levels, as function of the applied load. The markers (circles=annealed PS) represent the
average number of crazes observed at a single force step. The solid line through these
average values indicates a linear increase of the number of crazes with increasing load.
Enveloping the solid lines a probability corridor (dashed lines) is drawn which accounts
for the distribution (95% confidence interval) on the number of crazes observed.
Extrapolation of the line to the x-axis, marks the onset of craze-initiation. It is con-
cluded that an average force of 1.35 N is required to initiate crazing during indentation
of annealed PS. Considering the distribution in the observations, a craze-initiation force-
interval of 1.05 to 1.65 N is assumed.
Since the crazes are initiated during the loading part and the loading part was ade-
quately described (see figure 5.6 and 5.7), finite element simulations are used to inves-
tigate the stress distribution around the indenter at the initiation of crazes. These si-
mulations show that during indentation the material adjacent to the indenter is pushed
outwards in radial direction, and hence induce positive stresses in circumferential di-
rection. In figure 5.10, the hydrostatic stress in plotted in the region of interest, near
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Figure 5.9: Number of crazes formed during indentation (a), solid lines indicate the av-
erage values, the dashed lines the 95% confidence interval, for annealed PS
(circles) and quenched PS (squares), and a microscopic picture of a plastic in-
dent with crazes (b).

the contact of indenter and sample, where the crazes are observed experimentally. A
maximum in hydrostatic stress is found in this region, near the surface of the sample.
The requirement that crazing is preceded by plastic deformation is met, as the softening
variable D is larger than 0 in this region, this implies that the material is plastically
deformed.

40

0

b

ba

40

38

Figure 5.10: Numerical prediction of the build-up of hydrostatic stress in the region where
crazes are observed experimentally (a), zoomed in on the area of interest (b).

Figure 5.11 shows the maximum hydrostatic stress as function of load. While the load is
raised with a load rate identical to the experiments, from 0 to 4 N, the hydrostatic stress
level increases. The position at which this maximum occurs shifts as the contact circle
of indenter and sample moves in radial direction with increasing load. This results in a
staggered path of maximum hydrostatic stress, shown in figure 5.11.
From the average force required for craze initiation, as derived from figure 5.9 and
considering the experimental error on craze-observation, the critical hydrostatic stress
for craze nucleation is 40 [�2] MPa.

Thermal history

To validate the conclusion that a craze initiation criterion, composed of the requirement
of a localised plastic zone and a critical hydrostatic stress, required for void nucleation,
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Figure 5.11: Maximum hydrostatic stresses in simulation; average critical force and corre-
sponding critical hydrostatic stress for annealed PS (circles) and quenched PS
(squares).

is appropriate to describe void nucleation, the influence of thermal history is investi-
gated. The previous results for annealed PS are therefore compared to craze-initiation
in a quenched PS sample. The material parameters for the quenched PS are also pre-
sented in table 5.1. In figures 5.4 and 5.7b it was already shown that the yield stress and
the resistance to indentation for quenched PS are lower compared to annealed PS. Mi-
croscopic observations reveal that the crazes formed in quenched PS are not only much
smaller and thinner compared to annealed PS, they are often very difficult to detect and
can only be visualised using polarised light. Besides the force required to initiate crazes
(2.6 N), the distribution in values of the number of crazes observed in quenched PS is
much larger (ranging from 2.3 to 3.7 N), see figure 5.9.
The maximum hydrostatic stress as function of the applied load is also shown for the
quenched sample (squares) in figure 5.11. The slope of the maximum hydrostatic stress
versus load are comparable for the annealed and the quenched sample up to 0.7 N. At a
hydrostatic stress approximately 30 MPa, the paths begin to diverge as the hydrostatic
stress in the quenched sample evolves slower. The critical hydrostatic stress of 40 MPa,
determined for annealed PS, corresponds to a critical force of craze formation in the
quenched material of 2.5 N. Considering the experimentally observed 2.6 N (within a
range of 2.3 to 3.7 N), it is reasonable to assume that the hydrostatic stress required for
void-nucleation both annealed and quenched polystyrene equals 40 MPa.

Loading rate

Further validation of this craze-initiation criterion is done by investigating the influence
of the loading rate during indentation. The stress-strain behaviour and the indentation
curves of PS are dependent on the loading rate, as was shown in figures 5.3 and 5.7a.
Again the reference sample of annealed PS and its material parameters (see table 5.1)
are used in these experiments and simulations. For indentations 5 loading rates are
taken, ranging from 0.01 to 1 Ns�1.
With increasing loading rate, the resistance to indentation rises, as was shown in figure
5.7a. Besides the increase in yield stress at increasing loading rate, visco-elastic effects
can also play a role as the time scale of the experiments shortens.
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Figure 5.12 shows the force-interval at which crazes in the experiment are observed
for all different loading rates applied. The procedure to determine these intervals was
identical to the procedure used for the annealed and quenched PS (see figure 5.9). The
force-intervals at which crazing is observed experimentally prove to be nearly indepen-
dent of the loading rate within the range measured.
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Figure 5.12: The critical load at which crazes are first observed in PS is not influenced by
the loading rate.

Numerical simulations were performed at the same loading rates and the results are pre-
sented in figure 5.13. The slight differences seen in the indentation curves (figure 5.7a)
have virtually no influence on the development of the maximum hydrostatic stress.
Since the force interval at which crazes are observed is similar at all loading rates, it
can be concluded that the critical hydrostatic stress at which crazes are initiated is in-
dependent of the loading rate. This is consistent with the findings of recent work by
Govaert et al. [43].
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Figure 5.13: Building up of hydrostatic stress during loading at various loading rates for
annealed PS: no rate dependence.

Network density

In the previous sections a void-nucleation criterion was identified for polystyrene, based
on the assumption that void-nucleation is preceded by localised plastic deformation and
incipient void nucleation by dilative stresses. This critical hydrostatic stress of 40 MPa
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proved to be independent of the thermal history and strain rate. Among others, Kramer
and co-workers [3, 44] and Wu [45] suggested that the network density influences
the crazing behaviour and critical craze-nucleation stress. Therefore, the procedure
followed to determine a critical craze-nucleation stress for polystyrene is repeated for
PS/PPO blends. The network density of polystyrene increases when blended with PPO.
The material parameters used in the simulations are given in table 5.1. In the figures
5.5 and 5.8 it was shown that for an increasing PPO fraction the yield stress slightly
increases, the modulus decreases but above all, the strain hardening contribution is
strongly enhanced.
Figure 5.14 shows the number of crazes formed during indentation at various load lev-
els. The force required to initiate crazes increases with PPO fraction and thus with the
network density. For the blend with 20% PPO (squares) the force is 3 N (� 0.2 N), for
40% PPO (triangles) this is 5 N (� 0.2 N).
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Figure 5.14: Number of crazes formed by indentation for annealed PS (circles), PS/PPO
80/20 (squares) and PS/PPO 60/40 (triangles). the dashed lines represent
the 95% confidence interval.

Simulations of these indentation experiments, in which the maximum hydrostatic stress
is again monitored, show that despite the differences in the indentation curves (see
figure 5.8), the development of the maximum hydrostatic stress in the sample is barely
influenced, see figure 5.15.
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Figure 5.15: Development of �h as function of load for annealed PS (circles), PS/PPO
80/20 (squares) and PS/PPO 60/40 (triangles).



72 Chapter 5

All curves have a positive slope with an increasing indentation force. The critical force
for pure PS is reached at 1.35 N (as shown before), which corresponds to a critical
hydrostatic stress of approximately 40 MPA. According to the experiments crazing is
observed at a force of 3.0 N for PS/PPO with 20% PPO, corresponding to a hydrostatic
stress of 50 MPa (dotted lines in figure 5.16) and for a fraction of 40% PPO the critical
indentation force is 5.1 N, corresponding to a hydrostatic stress of approximately 55
MPa. The uncertainty intervals around the critical forces and hydrostatic stress are
similar for all materials. The network density for PS and PS/PPO blends, is obtained
by DMTA [14, 46]. For PS a network density of 3.0�1025 chains/m3 is found. With
increasing PPO fraction the network density rises to 4.9�1025 chains/m3 (20% PPO) and
7.9�1025 chains/m3 (40% PPO). In figure 5.16 the critical hydrostatic stress is given as
function of network density.
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Figure 5.16: Critical hydrostatic stress as a function of the network density.

It can be concluded that the resistance to craze-nucleation of glassy polymers, like PS
and PS/PPO, increases with increasing network density, which is in full agreement with
the findings of Sauer [47]. The extrapolation of the trend in figure 5.16 to higher
network densities, e.g. polycarbonate, gives a good approximation of the critical craze
nucleation stress reported by Narisawa and co-workers (�e=3.0�1026 chains.m�3 [45],
�h;c=90 MPa [31]).

5.5 Conclusions

A combination of a numerical analysis using a proper constitutive model that can cover
the rate dependent intrinsic yield behaviour, and a local, rate independent, craze-
nucleation criterion can be used effectively to predict craze initiation in glassy polymers.

Micro-indentation of polystyrene at a sufficiently high load leads to crazing. Using the
numerical model, the hypothesis of Kramer is confirmed that crazing of polymers is pre-
ceded by localised plastic deformation. Due to the nonlinear nature of yielding, strain
softening results in localisation of deformation as the plastic strain increases, accom-
panied by a build-up of hydrostatic stress. The hydrostatic stress is the only parameter
that initiates void-nucleation after the material shows local deformation and softening.
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During the loading stage of indentation crazes are formed, beginning near the contact
circle between indenter and specimen in radial direction. Visualisations, by means of
microscopy, enable determination of the number of crazes and the critical force at which
they are formed.
From the numerical simulations the critical hydrostatic stress for void nucleation is de-
termined to be 40 MPa for annealed PS, and this event occurs just outside the contact
zone between polystyrene and indenter. The criterion is validated by varying thermal
history and loading rate during indentation. Quenched PS shows very tiny crazes at a
higher force, the trend depicted by the numerical simulation is good and the prediction
by the craze-nucleation criterion agrees with the observations. The exact value of the
crazing force for the quenched sample is difficult to predict. Varying the loading rate
does not influence the crazing force and both the numerical model and experiments
resulted in the same force. The post yield behaviour is changed by adding PPO to PS,
increasing the network density. An increase of the network density results in a higher
value of the critical craze-nucleation stress, 50 MPa for the blend with 20% PPO and 55
MPa for the blend with 40% PPO.
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Appendix

In this appendix the relevant equations of the compressible Leonov model are sum-
marised. A elaborate description of this elasto-visco plastic model can be found in
Govaert et al. [11] and Tervoort et al. [24,25].

� = s+ r (5.1)

s
d = G ~

B

d

e and s
h = �(J � 1)I (5.2)

_J = Jtr(D) (5.3)
Æ

~

Be = (Dd �Dp) � ~Be + ~

Be � (Dd �Dp) (5.4)

r = GR
~

B

d
(5.5)

Dp =
s
d

2�(�eq; D; p)
(5.6)

�(�eq; D; p) = A(D; p) �0

�eq

�0

sinh
�
�eq

�0

� (5.7)

�eq =

r
1

2
tr(sd � sd) (5.8)

_D =

�
1� D

D1

�
_p (5.9)

_p =

q
2tr
�
Dp �Dp

�
(5.10)





Chapter 6

Near-surface mechanical properties of
glassy polymers

Polymeric material near a free surface can have properties which deviate con-
siderably from the bulk properties. A reduced glass transition temperature
in thin polymeric films was reported and was attributed to an enhanced seg-
mental mobility near a free surface. It was also reported that sufficiently thin
polymeric structures show a higher ductility than the bulk material. In this
paper, the hypothesis that the near-surface mechanical properties of amor-
phous polymers differ from the bulk properties due to the presence of an
absolute length-scale will be investigated. Micro- and nano-indentations are
performed on polystyrene, using a range of indenter sizes and indentation
loads. In addition, numerical simulations are carried out with an advanced
material model for polystyrene. A comparison between experimental and
numerical results indeed indicates that a length-scale effect is present near
the surface. Simulations performed at an elevated temperature indicate that
the results presented are consistent with the observations of a reduced Tg.

6.1 Introduction

Recent research in different fields of polymer science has shown that properties of small
polymeric structures and polymeric material near a free surface can deviate consider-
ably from the bulk properties. The most well known examples come from the field of
polymer physics. Keddie et al. [1, 2] showed by ellipsometry that the glass transition
temperature (Tg) of thin polystyrene (PS) films (<40 nm) on hydrogen-passivated sili-
con substrates is lower than the bulk glass transition temperature. Subsequent studies

Reproduced in part from:

Near-surface mechanical properties of amorphous polymers
H.G.H. van Melick, A.R. van Dijken, J.M.J. den Toonder, L.E. Govaert, H.E.H. Meijer, Philosophical
Magazine A, accepted for publication.
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on polymethylmethacrylate (PMMA) showed a large influence of the substrate on this
effect. A decreased Tg was found for thin PMMA films on gold while an increased Tg

was observed for a substrate of silicon with a native oxide layer [3, 4]. The influence
of a substrate was eliminated in the Brillouin Light Scattering experiments on thin free-
standing PS films by Forrest et al. [5] and Forrest and Mattson [6]. These experiments
revealed that the Tg decreases strongly for films thinner than 70 nm (see figure 6.1a).
For films smaller than 30 nm the measured Tg reduced even to the ambient tempera-
ture. An extensive review of the studies on the Tg measurements of thin polymeric films
can be found in [7].

Figure 6.1: Two examples of length-scale effects in polymers. (a) Reduced Tg in thin free-
standing polystyrene films (reproduced in part with permission from [6]) and
(b) enhanced toughness by incorporation of nano-sized rubber particles of size
200 (�) and 80 nm (�) (reproduced with permission from [16]).

Generally the phenomenon of a reduced Tg in thin polymer films is assigned to an en-
hanced segmental mobility near the free surfaces of the polymer. Direct observation of
a faster relaxation near a free surface was recently done by Wallace [8]. By near-edge
X-ray absorption fine structure spectroscopy, they measured the relaxation rate of poly-
styrene molecules of a uniaxially deformed sample simultaneously near a free surface
and in the bulk. Relaxation of the chains near the free surface were proven to be signi-
ficantly faster than the bulk chains. However, the length-scale of this relaxation is much
smaller than the length-scale observed in the previously mentioned Tg measurements.

The effect of an absolute length-scale has also been observed in the field of polymer
engineering. In daily practice of liquid crystal displays, a rubbing technique is used to
orient the surface layer of, mostly, vinyl-polymers [9, 10]. Toney et al. [11] showed
by X-ray experiments on thin polyimide films that the top layer (5 nm) was oriented
after rubbing with a cloth, which indicated that the yield stress near this surface was
significantly lower than the bulk yield stress. Another example of an intrinsic length-
scale is the toughness enhancement of thin polymeric films and ligaments. In very thin
multi-layered tapes [12] and non-adhering rubber-filled polymeric matrices [13–16], in
which the layer or ligament thickness is smaller than a critical value, a strong increase
in macroscopic strain to break is observed, indicating that locally the mechanical prop-
erties deviate considerably from the bulk properties. This toughness enhancement for
rubber-filled polystyrene is represented in figure 6.1b.
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The observations mentioned above are consistent since the mechanical properties of po-
lymers are directly related to the segmental mobility and hence are strongly correlated
to Tg. It is therefore to be expected that mechanical properties, such as yield stress and
strain softening, are different in thin films or near a free surface compared to those in
the bulk.

The aim of this paper is to probe this effect of a length-scale on the mechanical prop-
erties of amorphous polymers near a free surface by micro- and nano-indentation. This
technique was chosen since, in contrast to conventional techniques, it is able to cover
various length-scales (mm to nm) and it can measure mechanical properties on the very
small scale that is required here. The indentations were done with spherical inden-
ters of various sizes on polystyrene sheet material. The force-displacement curves were
recorded and compared with, length-scale independent, finite element simulations. The
bulk properties, used as input for the elasto-viscoplastic model, were obtained from uni-
axial compression tests on identical material.

6.2 Numerical model

The response of bulk polystyrene to a uniaxial compression test is shown in figure 6.2a.
The experimental curve (circles) illustrates the typical mechanical behaviour that is rep-
resentative for a range of amorphous polymers: a small-strain (visco-) elastic response,
followed by yield, intrinsic strain softening and subsequent strain hardening.
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Figure 6.2: (a) Stress-strain response of bulk polystyrene in a uniaxial compression test, ex-
periment (circles) and simulation (solid line). The dashed and dash-dotted lines
represent the two contributions present in the model, as described in this para-
graph. (b) 1-D representation of the generalised compressible Leonov model.

In the stress response two contributions can be distinguished. First there is a contri-
bution of the secondary interactions (e.g. Van der Waals bonds) between the polymer
chains, which determine the (visco-) elastic properties at small deformations and the
yield behaviour (represented by the dashed line). The second contribution originates
from the entangled polymer network. This contribution determines the behaviour at
large strains and is governed by the strong covalent bonds within the polymer chain
(represented by the dash-dotted line). In the model used here, the so-called gener-
alised compressible Leonov model [17–19], this distinction is also made. In the 1-D
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mechanical analogon (see figure 6.2b), the secondary interactions comprise a com-
pressible elastic spring and a non-linear dashpot and the entangled polymer network
a neo-Hookean spring. The total Cauchy stress (�) of the model (represented by the
solid line in figure 6.2a), can accordingly be decomposed in a driving stress (s) and a
hardening stress (r):

� = s+ r (6.1)

The driving stress can be split into a deviatoric and hydrostatic part. The expressions
for the stresses in these parts yield:

s
d = G ~

B

d

e and s
h = �(J � 1)I (6.2)

where G is the shear modulus, ~

Be the isochoric elastic left Cauchy-Green deformation
tensor, � the bulk modulus, J the volume change factor and I the unity tensor. The
relative volume change J and the isochoric elastic left Cauchy Green deformation tensor
~

Be are implicitly given by [17]:

_J = Jtr(D) (6.3)

Æ

~

Be = (Dd �Dp) � ~Be + ~

Be � (Dd �Dp) (6.4)

The left-hand side of this equation represents the (objective) Jaumann derivative of the
isochoric elastic left Cauchy Green tensor. The tensor D denotes the deformation rate
tensor, Dp the plastic deformation rate tensor.
The hardening behaviour of the material is described with a neo-Hookean relation for
the hardening stress tensor r:

r = GR
~

B

d
(6.5)

where GR is the strain hardening modulus (assumed temperature independent). The
neo-Hookean approach shown in equation 6.5 proved to be very successful in describ-
ing the strain hardening behaviour of polycarbonate in uniaxial compression, uniaxial
extension and shear (torsion) [19].
As proposed by [17] a Newtonian flow rule with a stress dependent Eyring viscosity is
used to relate the plastic deformation rate to the deviatoric driving stress:

Dp =
s
d

2�
(6.6)

As described by [18], the model has been extended by adding pressure dependence
(p) and intrinsic strain softening (D) to the viscosity function. The evolution of the
softening equation was originally proposed by [20]. The viscosity function is described
by an Eyring relationship:
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and:
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2
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where A0 in a constant pre-exponential factor, �H the activation energy, R is the gas
constant, and V the activation volume. In the evolution of the softening (given in
equation 6.9), the softening parameter D is initially set to zero. In time, this parameter
evolves to the softening limit D1.
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A detailed description of the model can be found in [17] and [18].
The material model was incorporated into the commercial Finite Element package MARC
[21] and validated under various loading conditions [18]. An example of the FE mesh
used for the simulations of the indentations is depicted in figure 6.3a. The mesh be-
comes more and more refined towards the region of contact (see figure 6.3b), to be
able to account for the large stress gradients that may occur in this region. Axisymmet-
ric quadrilateral linear elements were used. The total domain shown in the left of figure
3 has dimensions 1000 � 1000 �m2, and consists of 773 nodes and 706 elements.

a b

Figure 6.3: Complete FE mesh (a) and a magnified area with mesh-refinement in the con-
tact region (b).

The indenter was modelled as a rigid sphere, and the contact was assumed to be fric-
tionless. Loading proceeded from initial contact in a stepwise manner, in 500 to 1000
steps depending on the specific case. Mesh refinement, use of second order elements
and step refinement proved to be of no influence on the solution. The solution of the
previously described simulations is therefore considered to be converged.
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6.3 Materials and methods

The material used is a commercially available polystyrene, Styron 634 (Dow Chemical).
The granular material was compression moulded in a square mould (160x160x7 mm3).
In the middle of the mould a thin glass plate of 100x100x3 mm3 was placed. This glass
plate ensured that the polymer surface is smooth and clean, and therefore no further
machining or polishing was required. Furthermore the properties were not influenced
by cooling effects at the mould surface since the surface to be indented came from the
middle part of the material. The mould with granular PS was heated for approximately
10 minutes at 190ÆC. Next the material was compressed stepwise with increasing force
(up to 300 kN). In between the steps, the force was released to allow for degassing and
avoid formation of air bubbles. Afterwards the mould was placed in the cooling press
in which the temperature was reduced to ambient temperature within 5 minutes. The
specimens, used for indentation, were cut out of the middle of the moulded plate. A sec-
ond plate without glass plate was moulded under identical conditions. From this plate
cylindrical specimens were machined which were used in the uniaxial compressions
tests. From the uniaxial compression tests, at various strain rates and temperatures, the
material parameters required for the generalised compressible Leonov model were de-
termined (given in the table of figure 6.4). The parameter for the pressure dependence
was determined by tensile tests under superimposed pressure at the IRC in Leeds. As
can be seen in figure 6.4, the numerical model correctly describes the deformation of
PS in a uniaxial compression test.
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Figure 6.4: Comparison of experiment and simulation for a uniaxial compression test and
the parameters for the generalised compressible Leonov model, as determined
from the uniaxial compression tests.

The indentations were carried out on two different apparatus, namely a micro-indenter
that was designed and constructed at Philips Research, and a commercial nano-indenter,
i.e. the NanoTest 600 of Micro Materials. The micro-indenter was used for larger inden-
tation peak loads, i.e. larger than 50 mN, and the nano-indenter was used for smaller
indentation loads, down to 200 �N. Considering both instrumental and environmental
measurement noise, the accuracy of the measured loads and displacements were 2 mN
and 20 nm for the micro-indenter, and 10 �N and 0.5 nm for the nano-indenter. The
compliance of both systems was determined by carrying out indentations on fused sil-
ica with a spherical indenter of radius 150 �m. The data were fitted to the Hertzian



Near-surface mechanical properties of glassy polymers 83

elastic equation, with use of the known elastic parameters of fused silica (E=72 GPa,
�=0.17), and compliances of 0.1 nm/mN for the micro-indenter and 0.7 nm/mN for
the nano-indenter were measured.

The indentations on polystyrene were performed with spherical indenters with a range
of sizes. The radii of the indenters used were 250, 150, 25, and 2.2 �m. The former
two are sapphire spheres, and the latter two are diamond cones with rounded tips,
supplied by Synton (Switzerland). The radii of the two smallest tips were measured
directly with an AFM and their geometry proved to be well-described. Comparison of
indentation with these spheres on fused silica and the Hertzian solution, showed that
25 and 2.2�m are good approximations of the indenter radii.
The experiments were performed in such a way that the indentations with the various
indenters were geometrically identical, i.e. a scaled experiment with the radius of the
indenter as a scaling parameter. Also the loading rate was chosen in such a way that
each scaled experiment was performed in the same time. Each experiment consisted of
one full loading-unloading cycle. A range of scaled peak indentation loads was used,
from 200 �N to 400 mN. The measurements were done at a temperature between 21
and 25ÆC, and a relative humidity of 50%.

6.4 Results and discussion

In this section, some key results of the experiments and the simulations will be shown.
From the experiments, it was found that the results obtained with the micro-indenter
and those obtained with the nano-indenter are identical in the overlapping load-range
of the instruments. Also, the reproducibility of the experiments was good. To illustrate
this the experimental data of each indentation consisting of five successive indentations
on various regions of the material are given in figures 6.5 and 6.6. Both these results
underline the accuracy of the experiments. In figure 6.5, both the experimental curves
and the simulated curve are given for the 150 �m sphere.
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Figure 6.5: Results of experiments (dotted lines) and simulation (solid line) of the indenta-
tion with the 150�m sphere.

In the simulations the bulk material parameters for polystyrene, obtained from the uni-
axial compression test were used. There is excellent agreement between the simula-
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tion and the experiment during the loading part of the curve. During unloading, the
agreement still is reasonable, but the (visco-)elastic recovery of the material is under-
estimated by the simulations. The probable reason for this is that only one Leonov mode
is present in the material model and thus the relaxation behaviour is poorly described.
Tervoort et al. [19] showed that by incorporation of 18 Leonov modes the relaxation
behaviour of these types of polymers can be accurately described. However, incorpora-
tion of more modes is computationally expensive and, since the focus is on the loading
behaviour, simulations with one Leonov mode are sufficiently adequate.
The experiments are also performed with indenters of 250 and 25 �m. Figure 6.6 shows
the force-displacement curves are similar to those in figure 6.5. Except for the unloading
behaviour the experiments are well predicted by the simulations.
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Figure 6.6: Results of experiments (dotted lines) and simulations (solid lines): (a) the in-
dentation with the 250 �m sphere and (b) the indentation with the 25 �m
sphere.

For the larger indenters (radii of 250, 150 and 25 �m), experiments and simulations
with the bulk properties of polystyrene agree well. This indicates that no effect of an
absolute length-scale is present in these experiments.
However, for the indentations with the smallest sphere (2.2 �m) and smallest indenta-
tion loads, a significant discrepancy appears between the experimental result and the
simulation, as shown in figure 6.7. The indentation depth is underpredicted by the sim-
ulation, indicating that the material has less resistance to deformation. Also the shape
of the indentation curve is significantly different from the large-scale indentations. Was
the visco-elastic recovery underpredicted in the simulations with the largest indenters,
the measured recovery after indentation with the smallest sphere is much less than in
the indentations with the larger indenters.

Since it could be argued that the discrepancy between experiments and simulation orig-
inates from a deviating indenter geometry, comparative simulations are required. The
experimental results, in this respect, could only be explained by an indenter with a
smaller radius and hence simulations were performed with an indenter with a 10%
smaller radius. This 10% ’error’, which is rather much in the AFM measurements and
calibration analysis, does result in a slightly larger indentation depth (approximately 3
nm), but can not account for the large difference between experiments and simulation
and can certainly not be responsible for the drastically change in shape of the indenta-
tion curves.
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Figure 6.7: Results of experiments (dotted lines) and simulation (solid line) of the indenta-
tion with the 2.2 �m sphere.

The simulations were performed with bulk material properties as input. The discrep-
ancy between the numerical and experimental results from figure 6.7, suggest that the
mechanical properties, and the yield stress in particular, are lower in the near-surface
region of the actual experiment. In these last experiments the indentation depths which
are reached are in the order of 100 nm. Although the zone that is participating in the
deformation is larger than the indentation depth, near-surface effects will play a role.
The reported effects of reduced Tg, as described in the introduction, have a length-scale
similar to the scale of indentation. Hence, the hypothesised length scale effect seems to
be observed in the indentation with the 2.2 �m indenter.

As discussed in the introduction, an enhanced segmental mobility near a free surface
could have an effect on both the Tg and mechanical properties. The segmental mobility
is not a measure for the absolute level of Tg but for the difference between the testing
temperature and Tg. A reduced Tg can therefore be ’simulated’ by an increased testing
temperature. To illustrate this the experiments are compared to a simulation which is
performed ’closer’ to Tg, i.e. at an elevated temperature (approximately 60ÆC). Although
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Figure 6.8: Simulation at an elevated temperature. (a) The intrinsic deformation be-
haviour is at ambient and elevated temperature and (b) comparison of inden-
tation experiment and simulation.

certainly not correct, as we are changing the bulk properties and not the near-surface
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properties, this simulation can give an indication whether the experimentally observed
effect can be rationalised by a reduced Tg. As can be seen in figure 6.8a an increased
temperature leads to a lower yield stress and less strain softening of the material. The
large strain behaviour remains unchanged.
The result of the simulation with the altered parameters is shown in figure 6.8b, along
with the experimental results from figure 6.7. The agreement between the loading
curves is good, indicating that the near-surface layer might have reduced yield stress.
From the fact that also the unloading curve is predicted well, no conclusions can be
drawn. It must be emphasised that the simulations at elevated temperature has no
physical relation with the actual experiment, but it does support the hypothesis that the
near-surface properties are significantly different from the bulk properties.

6.5 Conclusions

Experiments and simulations of spherical indentations in polystyrene were performed,
using a range of indenter sizes and indentation loads. The experimental results for
the large-size, large-load indentations are described well by simulations with polysty-
rene bulk properties. For the smallest indenter, the experimental and simulated curves
deviate considerably, which indicates that a length-scale effect is present. Simulations
with altered properties, mimicking a material with a lower glass transition temperature
(Tg), do agree quite well with the small-size, small-load experiments. It must be em-
phasised that this simulation is physically not completely correct, but the trend is well
predicted. This supports the hypothesis that the near surface properties of polystyrene
differ from those in the bulk, and that the length-scale effect observed is consistent with
the observations of a lower Tg being lower near the surface.
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Chapter 7

Prediction of brittle-to-ductile
transitions in polystyrene

In this study it is attempted to predict brittle-to-ductile transitions (BDTs)
in polystyrene blends, induced either by an increase in temperature or by a
decrease in interparticle distance. A representative, two-dimensional volume
element (RVE) of a polystyrene matrix with 20% circular voids, is deformed
in tension. During deformation a hydrostatic-stress based craze-nucleation
criterion [1] is evaluated. The simulations demonstrate that crazes initiate
at low temperatures while a transition from crazing to shear yielding (BDT)
is found around 75ÆC. The numerical results correlate well with tensile tests
on a similar heterogeneous polystyrene. The presence of an absolute length,
as experimentally found, is more difficult to explain. Near a free surface
a Tg-depression is measured for polystyrene and also the resistance to in-
dentation in polystyrene is lower than expected from bulk properties. Both
observations are rationalised by an enhanced segmental mobility of chains
near a free surface. As a consequence of these findings, an absolute length-
scale could be incorporated in the numerical simulations. For simplicity,
the length-scale is modelled by taking a temperature gradient over a thin
layer near the internal free surfaces of the RVE. Deformation of the RVE with
different absolute length-scales shows that indeed also the experimentally
found brittle-to-ductile transition can be predicted if the ligament thickness
between the inclusions (’voids’) in polystyrene is below a critical value of ca.
15 nm.

Reproduced from:

Prediction of brittle-to-ductile transitions in polystyrene
H.G.H. van Melick, L.E. Govaert, H.E.H. Meijer, submitted to Polymer.
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7.1 Introduction

Numerical prediction of strain localisation phenomena in glassy polymers has received
substantial attention during the last decades. Following the work of Haward and Thack-
ray [2], Boyce and co-workers [3–6] developed a model that was able to capture the
post-yield behaviour of glassy polymers. Studies of the group of van der Giessen [7, 8]
and our group [9–17] lead to the conclusion that the numerical simulation of plastic
localisation in various loading geometries is now well established. However, failure, an
important issue in the deformation behaviour, could not yet be predicted.
The importance of failure prediction can be envisaged by taking the macroscopic defor-
mation behaviour of polystyrene as an example. Already in the apparent elastic region
crack-like defects, so-called crazes appear at the surface of a tensile bar under loading.
The faces of these crazes are bridged by fibrillar material which provides the crazes
some load bearing capacity. From the highly stretched fibrils [18, 19] it can be wit-
nessed that on a local scale polystyrene is extremely ductile, but, due to its pronounced
strain softening and weak strain hardening, the strain tends to localise in these small
local zones which can not be stabilised [20].
Kramer [21] recognised that the extreme localisation is even to be considered as a
prerequisite event for the initiation of the crazes. His main conclusion was that the for-
mation of a small, localised plastic deformation zone, within a relatively undeformed
matrix first leads to a build-up of triaxial stresses. Subsequently, this deformation can ei-
ther be stabilised provided that the polymer network is able to transfer sufficient load, or
cannot be stabilised causing the localisation to evolve to extremes meanwhile building-
up dilative stresses until, at a sufficiently high dilative stress, (successive) nucleation of
voids occurs. With ongoing deformation the voids coalescence into a void network and
form a craze.
Resistance to void nucleation is dependent on the network density of polymers [22–24].
This partly explains the craze- and defect-sensitivity of polystyrene, that forms -due to
its high chain stiffness- a low entangled network. Recently it was shown, by means of a
combined experimental and numerical indentation study, that void nucleation, indeed
preceded by plastic deformation, in polystyrene occurs at a critical hydrostatic stress of
40 MPa [1]. With increasing network density this critical hydrostatic stress level was
found to increase.
The build-up of high dilative stresses, which ultimately leads to crazing, can be only
circumvented by introducing heterogeneity into the material. For polystyrene, the in-
corporation of rubber particles resulted in a mechanism which is identified as multiple
crazing [25–27]. Although this engineering method increased the material volume par-
ticipating in the deformation process and, thus increased toughness, it did not lead to
a transition from crazing to shear yielding and can, consequently, be considered to be
only a partial solution to the problem. The ultimate toughness improvement should
induce such a crazing to shear yielding transition. This can be achieved by only two
routes. Either the overall stress level has to be lowered such that a critical stress level
is not reached, or the thickness of the polymer ligaments in between the inclusions
has to be reduced such that crazing cannot occur [28–31]. The first route proves to
be not very practical, but indeed can be realised, e.g. by increasing the test tempera-
ture, by (mechanical) rejuvenating of the material, or by adding plasticisers. The latter
route introduces the concept of a critical interparticle thickness [31, 32] and relies on
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the explanation that an absolute length-scale in the material is met. Recently, evidence
is reported concerning the existence of this absolute length-scale. A reduced glass-
transition temperature, Tg, was found for thin polystyrene films [33–35], rationalised
by an enhanced mobility of chains near a free surface, and nano-indentation experi-
ments showed a decreased resistance to indentation at shallow indentation depth (100
nm) near the free surface of bulk polystyrene [36].
In the present study the deformation of heterogeneous polystyrene systems is inves-
tigated by means of finite elements simulations, employing the compressible Leonov
model [9, 10]. A system of polystyrene with 20% voids is modelled as a representative
volume element (RVE) [17]. During deformation, the stress and strain distribution are
monitored and the critical hydrostatic stress criterion (40 MPa) for craze nucleation [1]
is continuously evaluated. Since increasing the testing temperature results in an overall
lowering of the stress level, the simulations are performed at various temperatures to
identify a transition from crazing to shear yielding. The results of the predicted brittle-
to-ductile transition are compared to the results of uniaxial tensile tests on polystyrene
filled with 20% non-adhering core-shell rubbers.
Next the influence of an absolute length-scale is investigated in the simulations. The
enhanced segmental mobility, held responsible for the Tg-decrease in thin polystyrene
films, is modelled with a temperature gradient over a thin layer near free surfaces of
the RVE. By varying the width of this gradient, the deformation of RVE with differ-
ent length-scales is investigated, finally leading to an absolute length-scale dependent
brittle-to-ductile transition that was earlier found in experiments.

7.2 Numerical modelling

The constitutive model, successfully used for glassy polymers, is the compressible Leonov
model, extensively described in [9–11]. Validation of the model for polystyrene can be
found in [20]. Finite element simulations of a representative volume element (RVE)
are used here to study the effect of the intrinsic properties on the macroscopic deforma-
tion behaviour and to, locally, evaluate stresses and strains in order to obtain a failure
criterion. The RVE, a 2-D representation of the micro-structure on the lowest level
considered in multi-level FEM [13], is composed of a polymer matrix containing dif-
ferent volume fractions of randomly packed inclusions, in the simplest case consisting
of spherical holes. The procedure to create such an RVE, starts with the random fill-
ing of a unit box with the desired volume percentage (20% in this case) of mono-sized
spheres with diameter equal to 5% of the dimension of the unit box. Next an arbitrary
cross-section through this box is meshed with plain strain 8-node quadrilateral elements
(reduced integration) using MENTAT (MSC Software). The use of these quadrilateral
elements proved to be necessary in the combination of the material model used with the
excessive deformation inside the heterogeneous structure. At least 5 elements spanning
the width of every ligament were required to obtain a fair description of the (large)
deformations within the ligaments. This large number of elements required within the
ligaments limited the maximum size of the RVE, thereby obstructing the representative
character of the RVE (to be completely independent of the initial -random- choice of
the RVE, roughly 300 inclusions should have been modelled, see [14]). The finite ele-
ment mesh is composed of 7256 plane-strain 8-node quadrilateral reduced integration
elements, shown in figure 7.1. To prevent rigid body movement the lower-left node is
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Figure 7.1: FEM mesh of an RVE for finite element simulations.

fixed in x- and y-direction, whereas the top-left node is only fixed in x-direction. Fur-
thermore periodic boundary conditions are assumed on the edges of the RVE. These
ensure that the right-hand side and top always fit to respectively the left-hand side and
bottom and the RVE can be regarded as a representative part of a whole structure.
Since the compressible Leonov finite element formulation [37] is available for two di-
mensional simulations only, plane strain conditions are assumed. In all simulations, a
linear macroscopic strain-rate of 10�3 s�1 is applied in x-direction to deform the RVE.
The RVE is loaded up to a macroscopic strain of 20%, since beyond this strain local
re-meshing proved to be required to obtain an adequate description of the deformation
of the excessively deformed ligaments.

Numerical strategy

Craze nucleation

During the simulations, the RVE is deformed at a constant linear strain rate of 10�3 s�1,
and the local stresses and strains are monitored meanwhile a hydrostatic stress-based
craze-nucleation criterion is evaluated. This criterion identifies a critical hydrostatic
stress of 40 MPa to be the onset of craze nucleation, provided that plastic deformation
occurred in this zone [1]. For this purpose the softening parameter, D (D >0 indicates
plastic deformation), and the hydrostatic stress, �h, are monitored. When a critical
level of 40 MPa is exceeded, it is assumed that a void is nucleated and that the RVE
suffered from macroscopic brittle fracture. Thus the actual details of craze formation,
the craze-growth process and the final local failure are not incorporated, since they all
are considered to be of secondary importance only.

Incorporation of an absolute length-scale

Since the Tg-depression reported for thin, free-standing polystyrene films (< 100 nm)
are rationalised by an enhanced segmental mobility of the chains near a free sur-
face [34, 35], a similar approach is used in our simulations. But instead of bringing
the Tg of the material closer to ambient temperature, a temperature gradient, involv-
ing an increased temperature, in a thin layer near a free surface is introduced. The
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thermally enhanced mobility, by which this is accompanied, results in a lower modulus,
yield stress and strain hardening and a reduced strain softening. One could argue that
the nature of the enhanced mobility in thin films is not necessarily equal to (isotropic)
thermally induced segmental mobility and that its influence on modulus, yield stress
and strain hardening might differ. But we will remain to the experimentally determined
values at the surface of isotropic bulk polystyrene [20].
To incorporate length-scale effects, a temperature profile is generated in the RVE, pre-
scribing a temperature equal to the glass-transition temperature (105ÆC) is prescribed
at internal free-surfaces, i.e. void edges. In a time-dependent computation a natural
temperature profile is generated. Since for thin free-standing films of less than 100 nm
effects of Tg-depressions are reported [34,35], the distance over which the temperature
profile is allowed to evolve is taken equal to 50 nm. This measure determines the ab-
solute size of the RVE and the dimensions of the inclusions. From the diameter of the
spheres and their volume fraction, a typical inter-particle distance can be derived which
allows comparison of simulations and experiments.
The temperature profile obtained is used as thermal boundary condition in the subse-
quent simulations of the deformation. The evaluation of the craze-nucleation criterion
is identical to that used in the isothermal simulations.

7.3 Results

BDT induced by temperature

Figure 7.2 shows the equivalent strain, "eq� , at four different stages (macroscopic strains
of 5, 10, 15 and 20%) during deformation of the RVE at 20ÆC (top) and 80ÆC (bottom).
The heterogeneity of the structure first induces plastic deformation in the ligaments in
between the voids which display yielding and strain softening (figure 7.2, 20ÆC, 5%).
The pronounced strain softening at 20ÆC, see e.g. [20], results in a substantial load
drop in the ligaments after yielding and, since the strain hardening of polystyrene is
very weak, with ongoing deformation the ligaments are not able to transfer load to
the surrounding material. The top row of figures illustrates the extreme localisation of
strain in neighbouring ligaments (the dark colours in figure 7.2 represent the regions
with the highest strain), which interconnect and form a localisation path. The exces-
sively deformed ligaments surrounded by a hardly deformed matrix indicate that only
a limited material volume participates in the deformation. Brittle fracture will occur
either due to the early craze-initiation in between the voids, or by exceeding the maxi-
mum tensile strength within a ligament.
With increasing temperature, the yield stress and strain softening decrease significantly
[20]. Although the force required to induce yielding in a ligament is, consequently,
lower, the reduced drop in load after yielding is also low compared to the drop at 20ÆC,
and can more easily be stabilised. The bottom row of figure 7.2, which shows the
deformation at 80ÆC, illustrates this. At 5% of macroscopic strain the deformation is
similar to that at 20ÆC and 5% strain. However, the strain in the ligaments is more eas-
ily stabilised and induces sequential yielding throughout the RVE. As a results a larger

�The equivalent strain is defined as the scalar norm of the logarithmic strain tensor E, according to:

"eq =

q
2

3
E
d
: E

d.
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Figure 7.2: Equivalent strain, "eq, in the RVE in tension at 20 (top) and 80ÆC (bottom).

material volume participates in the deformation.
Figure 7.3 shows the engineering stress versus the macroscopic draw ratio of the RVE.
The apparent yield stress of the RVE is of course lower than for the homogeneous mate-
rial due to the incorporation of voids. Similar to the homogeneous material, both yield
stress and strain softening are significantly reduced by increasing the testing tempera-
ture.
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Figure 7.3: Engineering stress versus nominal draw ratio of the RVE at various tempera-
tures.

Although localisation of strain and crazing are strongly related, this does not imply that
crazing is inhibited if the strain is delocalised and that a transition from crazing to shear
yielding is achieved at high temperatures. To evaluate the craze-nucleation criterion,
the maximum hydrostatic stress is monitored in the plastically deformed regions. The
simulations show that around the macroscopic yield point of the RVE, the hydrostatic
stress reaches a maximum. Therefore in figure 7.4 the critical hydrostatic stress in the
RVE is given at this stage (macroscopic strain of 2.5%). The black regions indicate the
zones where a hydrostatic stress of 40 MPa is exceeded.
Until 60ÆC the hydrostatic stress of 40 MPa is exceeded at low strains, although the
number and size of the regions where it is exceeded decreases drastically with tempera-
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20ÆC 40ÆC 60ÆC 80ÆC

Figure 7.4: Hydrostatic stress in the RVE around the macroscopic yield point (2.5% macro-
scopic strain): black regions indicate the regions in which after plastic defor-
mation a critical hydrostatic stress level of 40 MPa is exceeded.

ture. At all these temperatures the RVE is considered to suffer from macroscopic brittle
fracture. For 80ÆC at this stage the criterion is not exceeded. To judge whether at 80ÆC
a critical hydrostatic stress is never exceeded, the development of this stress during de-
formation is studied in more detail. Figure 7.5 shows the maximum hydrostatic stress
as function of macroscopic draw ratio for various temperatures.
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Figure 7.5: Developing hydrostatic stress in RVE at various temperatures (a), and hydro-
static stress exceeded at highly deformed ligament, indicated by the arrow, at
80ÆC.

The dotted line indicates the critical hydrostatic stress level of 40 MPa, the onset of voids
nucleation. At 20ÆC, this level is already exceed at 1% macroscopic strain. Although the
maximum hydrostatic stress levels decrease when the temperature is increased, at 40
and 60ÆC the critical hydrostatic stress is still exceeded at a few percent of macroscopic
strain. At 80ÆC the maximum in �h remains under the critical stress level until far be-
yond the macroscopic yield point of the RVE and at 15% macroscopic strain a critical
level is reached in one ligament only (see figure 7.5b). This ligament is cold-drawn up
to strains exceeding 150% and hence will not very likely exhibit crazing anymore, sim-
ilar to pre-oriented polystyrene [38]. Therefore, the conclusion is justified that at 80ÆC
no crazing is observed and hence ductile deformation behaviour is obtained in voided
polystyrene with 20% voids.
To refine the temperature where the transition from crazing to shear yielding occurs,
additional simulations were performed at 70 and 75ÆC: at 70ÆC the critical hydrostatic
stress is reached at a few percent strain, whereas at 75ÆC this occurs only at 10% macro-
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scopic strain, in a ligament where the local strain exceeds 100%. Similar to the simula-
tion at 80ÆC, polystyrene will not likely craze anymore at 75ÆC. From these simulations
it can be concluded that in between 70 and 75ÆC, crazing is inhibited during defor-
mation and hence a temperature induced brittle-to-ductile transition is achieved for a
heterogeneous polystyrene structure with 20% voids.
Since it was shown that yield stress and strain softening are key parameters in the de-
veloping level of hydrostatic stress, it is reasonable to assume that this BDT temperature
is sensitive to the thermal history of the polymer and the strain rate of the test.

To validate the simulations, experiments were performed on polystyrene (PS N5000,
Shell) filled with 20% core-shell rubbers (Kane Ace B511, 200 nm, Kaneka), which was
mixed on a 25 mm Werner and Pfleiderer co-rotating twin-screw extruder, ZSK 25, at a
temperature of 160ÆC and a rotation speed of 152 rpm. The material flux was optimised
for the highest torque in order to achieve proper particle dispersion. Next the blend was
injection moulded into tensile bars, according to ISO 527. Before compounding, the
materials were dried in an vacuum-oven for 5 days. As was shown by TEM, in a study
on a similar blends, compounded in a identical way, good dispersion of the core-shell
rubbers is achieved under these processing conditions [28].
The injection moulded tensile bars were subjected to uniaxial tensile tests at conditions
identical to those used in the simulations (temperatures ranging from 20-100ÆC and a
strain rate of 10�3 s�1). Figure 7.6a shows the engineering stress versus the nominal
draw ratio during a tensile test at 80ÆC in both, experiments (circles) and simulations
(solid line). They compare rather well. This suggest that the core-shell rubbers are
non-adhering and that they hardly participate in the deformation process. Representing
them as voids seems to be a valid assumption. The small discrepancies in yield stress
can be rationalised by the difference in thermal history of the injection moulded tensile
bars and compression moulded samples used for the characterisation of the material
parameters of the model [20].
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Figure 7.6: Stress/strain curves at 80ÆC (a), experiment (circles) and simulation (solid
line), and temperature induced BDT (b), experiments (open circles) and simu-
lations (filled circles). Arrows indicate that the simulations were stopped before
failure was encountered.

Figure 7.6 shows that the experiments confirm the observations in the simulations: at
a temperature of around 70-75ÆC a sharp transition from brittle-to-ductile is observed.
The open circles with error-bars represent the macroscopic strains reached in the uni-
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axial tensile tests, which were around 100%, whereas the simulations were stopped at
20% macroscopic strain because of the necessity of remeshing within the ligaments.
The arrows indicate that by remeshing also in the simulations larger strains could have
been reached. The small discrepancies in strain at break in the region of 60 to 70ÆC can
be explained by the fact that in the simulations brittle fracture is assumed to occur at
the first moment a critical hydrostatic stress of 40 MPa is exceeded, whereas experimen-
tally failure at more sites is required for macroscopic failure. Hence the strain at break
in brittle failure is always underestimated in the simulations. The macroscopic ductile
fracture which occurs at high strains (above 70ÆC) in the experiments is the result of
sequential failure of the polymer ligaments when their tensile strength is exceeded.

BDT induced by length-scale effects

The presence of an absolute length-scale in amorphous polymer is modelled by a tem-
perature gradient over a thin layer near a free surface. In figure 7.7 the temperature
profiles are given at various moments in time during the simulation. The grey value-bar
on the right-hand side of the figure indicates that the temperature on the free surface
(dark colour) is equal to the bulk glass-transition (Tg, 105ÆC), whereas in the bulk the
temperature remains equal to the ambient temperature (Ta, 20ÆC).
In figure 7.7a the increase in temperature has evolved to approximately one third of
the diameter of the sphere. Assuming that the influence of the free surfaces around the
voids runs 50 nm deep, this RVE represents a polystyrene matrix with 20% inclusions
of 150 nm diameter.Following this procedure, the size of the inclusions of figure 7.7b-d
are estimated to be 80 nm, 40 nm, and 20 nm.

a b c d

Tg

Ta

Figure 7.7: Temperature at various stages in the thermal simulation, representing voided
polystyrene with voids of 150, 80, 40, and 20 nm respectively.

The in their developments interrupted, and fixed temperature distributions are used as
boundary conditions for the coupled simulation, where the deformation is determined.
In figure 7.8 the results are given for the deformation of an RVE in which the abso-
lute length scale has no influence (diameter voids equals 1 �m, top) and one where
it has (40 nm inclusions, bottom). For the large voids, the deformation equals that of
the simulation as presented before at a temperature of 20ÆC, see figure 7.2: a strong
localisation of strain in the thin ligaments in between the voids. For the 40 nm inclu-
sions, figure 7.8 (bottom), the temperature gradient results in a reduction in yield stress
and strain softening in a thin layer around the inclusions. This leads to a slightly less
localised deformation although strain still tends to localised within a few ligaments.
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Figure 7.8: Equivalent strain, "eq, in the RVE in tension at for inclusions of 1 �m (top) and
40 nm (bottom)

The stress strain curves for the RVE with different sizes of inclusions, given in figure
7.9, show that, with decreasing inclusion size and hence decreasing ligament thickness
in between the particles, the yield stress and the strain softening of the RVE strongly
decrease.
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Figure 7.9: Engineering stress versus nominal draw ratio for voided PS (20% voids) and
inclusion sizes of 1�m, 80, 40 and 20 nm.

To evaluate whether these materials exhibit crazing, the hydrostatic stress has to be
evaluated again during the simulations. In figure 7.10 the maximum hydrostatic stress
is presented as function of the macroscopic draw ratio of the RVE for 4 different sizes
of inclusions. For the larger spheres, 1�m and 80 nm the critical hydrostatic stress is
already exceeded at a macroscopic strain of 1-2%. For the 40 nm spheres, the hydro-
static stress remains under a critical value far beyond the macroscopic yield point of the
RVE. At macroscopic strains of 10% a critical stress level is reached somewhere within a
strongly deformed ligament. Since the local strain in this ligament exceeds 100%, is not
likely to craze anymore and therefore it seems reasonable to assume that at these small
inclusion-sizes crazing is inhibited and shear yielding occurs throughout the specimen.
Again the macroscopic strain is limited to 20% for computational reasons.



Prediction of brittle-to-ductile transitions in polystyrene 99

1 1.05 1.1 1.15 1.2
0

40

80

120

160

nominal draw ratio [−]

m
ax

. σ
h [M

P
a]

D=1µm

D=80nm

D=40nm

D=20nm

Figure 7.10: The developing maximum hydrostatic stress versus nominal draw ratio in the
plastically deformed zones of the RVE for various void-sizes.

All simulations are summarised in figure 7.11 where the strain at break is represented
as function of the interparticle distance (ID), which can be derived from the expression
[31]:

ID = D

��
��

6Vf

� 1

3

� 1

�

where D is the diameter and Vf the volume fraction of the inclusions. In this equation
� accounts for the stacking of the rubber spheres within the matrix. Wu [31] showed
that for nylon-rubber blends the packing resembles a simple cubic lattice for the lower
volume fractions (Vf < 40%), and � equals 1.
At larger void sizes and thus large IDs crazing is observed in the numerical simulations
and only at a void diameter smaller than 40 nm crazing is inhibited. Since the volume
fraction of the inclusions equals 20%, at a ID of approximately 15 nm, a sharp increase
in strain to break is observed, indicating that a transition from crazing to shear yielding
is achieved. The arrows once again indicate that the simulations were stopped for
numerical reasons before failure occurred.
Experimental results provided by Van der Sanden [28] and Jansen [30], showed that a
BDT occurs in non-adhering core-shell rubber filled polystyrene at 55 vol.% inclusions
of 200 nm and 35 vol.% inclusions of 80 nm, respectively. In Jansen’s example a critical
inter-particle distance of 11.5 nm is found. Van der Sanden argued that high volume
fractions of rubber particles result in a face-centered cubic stacking (FCC) and that � is
equal to 2. The associated critical interparticle distance equals, therefore, 15 nm. These
values compare well with the value found from the simulations.
The simulation which are presented here indicate the mobility of the polymer ligaments
within the blends is strongly enhanced by increasing the amount of internal free sur-
faces.

7.4 Discussion and conclusions

In this paper numerical simulations of the deformation of voided polystyrene were per-
formed to investigate the capability of finite element simulations, employing the com-
pressible Leonov model, to predict brittle-to-ductile transitions in polystyrene.
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Figure 7.11: Brittle-to-ductile transition induced by an absolute length-scale: ductile de-
formation behaviour at ID <15 nm, arrows indicate the simulations were
stopped before failure occurred.

In previous studies [20, 39], it was shown that the post-yield behaviour plays a crucial
role in the deformation of glassy polymers. Improvements must be focused on avoiding
severe localisation of strain by eliminating strain softening and enhancing the strain
hardening contribution of the polymer network. However, besides strain localisation,
crazing will occur, which involves void nucleation in local plastically deformed zones
under dilative stresses. Therefore, the control of build-up of hydrostatic stresses is im-
portant as well.
It is generally accepted that only by creating a heterogeneous structure, the hydro-
static stresses can be relieved and toughness improved. In rubber-modified polystyrene
(HIPS) improved properties can be attributed to a deformation mechanism of multiple
crazing and not to a transition from crazing to shear yielding. Consequently room for
further improvement remains.
Finite element simulations of voided polystyrene were performed at a strain rate of
10�3 s�1 at various temperatures. During the simulations a craze-nucleation criterion
(a critical hydrostatic stress of 40 MPa, preceded by plastic deformation) was evaluated
to determine whether crazing would occur. It was demonstrated that a brittle-to-ductile
transition can be achieved by increasing the testing temperature to around 75ÆC. At this
temperature the critical hydrostatic stress is not exceeded. The results of the numerical
simulations are in good agreement with the experimental results, using tensile tests on
filled polystyrene (20% non-adhering core-shell rubber of 200 nm), which exhibited a
brittle-to-ductile transition at a temperature around 70ÆC.

Reducing the ligament thickness in the voided structure is another, from application
point of view far more interesting, route to achieve a brittle-to-ductile transition. The
absolute length-scale encountered here is deduced from the measured Tg depression in
thin, free standing polystyrene films, and attributed to an enhanced mobility of polymer
chains near a free surface. The enhanced mobility was accounted for in the simulations
by assuming a temperature gradient from the free surface into the bulk. The depth
of this temperature gradient determines the absolute length-scale of the material. The
simulations demonstrate that, by decreasing the absolute length-scale exceeding of the
critical hydrostatic stress level can be avoided and a transition from crazing to shear
yielding can be achieved. At 20% voids of 40 nm diameter, representing an interparticle
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distance of approximately 15 nm, a brittle-to-ductile transition is observed, which cor-
relates well with experimental observations of highly filled polystyrene/non-adhering
rubber blends [28, 30]. The approach followed here implies that the critical interparti-
cle distance is dependent on both temperature and strain rate.

The simulation which are presented in the last section indicate the mobility of the po-
lymer ligaments within the blends is strongly enhanced by increasing the amount of in-
ternal free surfaces. As is shown in figure 7.9 this leads to a significant drop in modulus
and yield stress and has a similar effect on the mechanical properties as the application
plasticisers. For an engineering material, however, a less pronounced decrease in mo-
dulus and yield stress would be desirable.

Although at smaller inter-particle distances the maximum hydrostatic stress is suffi-
ciently reduced to inhibit crazing, the localisation of strain within the ligaments is still
quite severe, see figure 7.8 (bottom). The incorporation of precavitated, adhering core-
shell rubbers, as proposed by [17, 30], could support these ligaments during deforma-
tion to transfer more load. As a result they would be able to induce sequential yielding
throughout the RVE, increase the material volume participating in the deformation and
hence further improve the toughness.
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Chapter 8

Main conclusions

In this thesis the deformation and failure behaviour of glassy polymers is studied. The
macroscopic response of this class of polymers is dominated by their intrinsic post-yield
behaviour, i.e. strain softening and strain hardening. As was shown in chapter 2 the
strain hardening modulus of glassy polymer proves to be proportional to the network
density of the polymer irrespective of the nature of the network, physical entanglements
or chemical cross-links. The large discrepancy between the strain hardening modulus
and the rubber plateau modulus and the decreasing trend of the strain hardening modu-
lus with temperature indicates that the strain hardening response differs from a purely
rubber-elastic response. The fact that the increase of network density by cross-linking
results in a proportional increase in strain hardening modulus suggests that the scale of
cooperative motion after yielding is in the same order as the entanglement length and
interferes with the concept of cohesional entanglements. It is discussed that the time-
scale of the stress-induced segmental motion during deformation might be equal to the
time-scale of the experiment, similar to the material being right at the glass-transition
temperature. Since secondary interactions still play a significant role on this time-scale,
this results in a higher strain hardening modulus. With increasing temperature the
enhanced thermal mobility lowers this contribution and accounts for the negative tem-
perature dependence.
In chapter 3 the transient deformation behaviour of mechanically rejuvenated polysty-
rene is investigated. The yield stress and strain softening recover on a time scale of days
independent of molecular weight whereas the time-scale of re-embrittlement proves
to be dependent on molecular weight. The molecular weight determines the tensile
strength and hence the maximum load which can be transferred in a localised plastic
zone. Since the recovered yield stress at which this strength is exceeded is different for
the grades this provides an explanation for the different time-scales observed. The me-
chanically rejuvenated state can not be regarded as an ultimately quenched state, since
the creep response of both materials proves to be quite different. The density of the me-
chanical rejuvenated material increased upon rejuvenation while strain softening was
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eliminated. Since concept of free volume, in the (naive) definition of beging directly
related to the macroscopic density, is unable to account for this and other experimental
observations another possible explanation for the physical origin of strain softening was
discussed.
In chapter 4 the influence of the post-yield behaviour on the macroscopic deformation
is demonstrated. Polycarbonate, with a moderate strain softening and strong strain
hardening displays stable neck-growth during deformation. Increasing strain softening
by an annealing treatment leads to more severe localisation of strain and even brit-
tle fracture. The deformation modes can be analysed using a straight-forward stability
analysis. It is shown that deformation of polystyrene with its pronounced strain softe-
ning and weak strain hardening results in extreme localisation of strain and generally
brittle failure. Elimination of strain softening by mechanical rejuvenation results in a
strongly enhanced ductility.
For the numerical prediction of crazing and brittle failure a failure criterion is required.
In chapter 5 a hydrostatic stress-based void nucleation criterion is identified by a com-
bination of micro-indentation experiments and numerical simulations. For polystyrene,
a critical hydrostatic stress of 40 MPa proved to be the onset of void nucleation in a lo-
cally deformed plastic zone. This criterion was validated and proved to be independent
of thermal history and strain rate. The value of the critical hydrostatic stress increased
with increasing network density.
In several fields of polymer science an absolute length-scale is encountered experimen-
tally. By means of micro- and nano-indentation experiments on various scales the force-
displacements curves of polystyrene were recorded. Comparison with length-scale in-
dependent finite element simulations, using bulk properties, showed that for large in-
dentation depth the simulation and experiments correlate well. At shallow indentation
depths (100 nm) with a small indenter (2.2 �m) the resistance to indentation has de-
creased, suggesting that the mechanical properties near a free surface are indeed differ-
ent from the bulk properties.
To conclude brittle-to-ductile transitions for polystyrene are predicted in chapter 7. An
representative volume element (RVE) is deformed, while the craze initiation criterion
identified in chapter 5 is evaluated. It is shown that by increasing the overall temper-
ature a lowered stress level results and a transition from crazing to shear yielding is
found at 70ÆC. Finally simulations are performed in which an absolute length-scale is
incorporated, using the results of chapter 6. Below a interparticle distance of ca. 15
nm a brittle-to-ductile transition is observed. Both BDTs correlate well with experi-
mental observations. These simulation show that a voided structure of small inclusions
(20% voids, smaller than 40 nm) results in a lowered overall stress level (i.e. inhibiting
crazing), but the localisation of strain within the ligaments is still quite severe. Delocali-
sation of strain could be achieved by applying adhering pre-cavitated core-shell rubbers
which inhibit the build-up a hydrostatic stress and support the deforming ligaments to
transfer more load and induce sequential yielding.



Samenvatting

Vooral door hun makkelijke verwerkbaarheid en redelijke eigenschappen worden poly-
meren veelvuldig toegepast ook in structurele toepassingen. Het vooraf kunnen voor-
spellen, veelal met behulp van numerieke simulaties, van hun gedrag onder belasting
is daarom belangrijk. In de laatste 20 jaar is dan ook veel werk geïnvesteerd in het
ontwikkelen van numerieke methoden die, met name, het gedrag van glasachtige poly-
meren bij hoge rekken (post-yield gedrag) goed kunnen beschrijven. Het compress-
ible Leonov model, ontwikkeld in onze groep, is goed in staat gebleken het intrinsieke
gedrag, zoals reksnelheids- en temperatuursafhankelijke vloei, strain softening en strain
hardening, goed te beschrijven. Een faalcriterium, waarmee onderscheid tussen bros en
taai gedrag gemaakt kan worden ontbreekt echter nog.
Uit eerdere studies is gebleken dat het macroscopisch deformatiegedrag wordt bepaald
door het intrinsieke post-yield gedrag. Bijvoorbeeld het brosse gedrag van polystyreen
is het gevolg van de extreme rek-lokalisatie, geïnduceerd door de enorme strain sof-
tening en het gebrek aan strain hardening. Ductilteitsverbetering zou daarom gericht
moeten zijn op het reduceren of verwijderen van de strain softening en het versterken
van de bijdrage van de strain-hardening. Hiervoor is kennis over wat zich afspeeld op
moleculair niveau onontbeerlijk. Het is algemeen geaccepteerd dat de strain-hardening
wordt bepaald door het fysische netwerk van de polymere ketens. Het grote verschil
tussen de strain-hardeningsmodulus en de rubber-plateaumodulus en de sterk dalende
modulus met toenemende temperatuur vraag echter om meer onderzoek. Over de fy-
sische achtergrond van strain softening is veel minder bekend. Uit de literatuur blijkt
wel dat het sterk gerelateerd is aan fysische veroudering, beïnvloed kan worden met
warmtebehandelingen en na mechanische verjonging zelfs verdwenen is.
Een verminderde strain softening en versterkte strain hardening zijn echter geen garantie
voor taai gedrag. Door een beperkte weerstand tegen cavitatie en de opbouw van
hoge hydrostatische spanningen onder bepaalde belastingssituaties, b.v. onder een kerf,
bezwijkt zelfs polycarbonaat aan crazing en heeft het een lage slagvastheid. Om een
materiaal echt slagvast te maken moet de opbouw van deze hydrostatische spanningen
voorkomen worden door het introduceren van een heterogene structuur, b.v. door het
inmengen van rubberbolletjes. Hierdoor vindt er geen crazing meer plaats en resteert
slecht shear yielding in materialen zoals polycarbonaat en polyamide en neemt hun slag-
vastheid sterk toe. Voor polystyreen neemt de slagvastheid ook iets toe omdat er meer
crazes (multiple crazing) worden gevormd en dus een groter volume deformeert. Een
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echte overgang van crazing naar shear yielding wordt echter pas bereikt als de poly-
meerligamenten tussen de rubberbolletjes dunner zijn dan een bepaalde kritische dikte.
Dit concept van een kritische dikte duidt erop dat de absolute lengteschaal van het
materiaal een rol speelt. De in de literatuur gevonden verlaging van de glasovergang-
stemperatuur in dunne polystyreen films, die ook duidt op de aanwezigheid van een
absolute lengteschaal, heeft dezelfde orde van grootte.
In de 6 artiken waaruit dit proefschrift bestaat worden een aantal vragen en problemen
zoals hierboven geschetst belicht en uitgediept. Om te beginnen is de relatie tussen
de strain-hardeningsmodulus en de dichtheid van het polymere netwerk onderzocht.
Het blijkt dat een toename van de netwerkdichtheid voor polystyreen, wat bereikt kan
worden door cross-linken of blenden met polyphenyleen oxide (PPO), resulteert in een
proportionele toename van de strain-hardeningsmodulus. In de hieropvolgende dis-
cussie wordt een mogelijke verklaring gegeven voor de grote afwijking tussen de strain-
hardeningsmodulus en de rubber-plateaumodulus en voor de sterk dalende trend van
deze modulus met toenemende temperatuur.
Zoals bekend kan door mechanische verjonging de strain-softening in polystyreen (tij-
delijk) verwijderd worden, hetgeen resulteert in taai gedrag in trek. Het is gebleken
dat het herstel van de vloeispanning en de strain-softening in de tijd een proces is dat
onafhankelijk is van het molecuulgewicht. Door de toename van de treksterkte met het
molecuulgewicht is de maximale spanning die door het polymeer kan worden gedra-
gen wel afhankelijk van het molecuulgewicht. Daarom kan voor een polymeer met een
relatief hoog molecuulgewicht de zich herstellende vloeispanning langer gedragen wor-
den en zal het dus langer duren voor er weer brosse breuk optreedt. Kruipmetingen
laten zien dat de toestand van mechanische verjonging anders is dan die van thermis-
che verjonging. In de discussie zijn resultaten vergeleken met bestaande literatuur en
wordt een mogelijke achtergrond van strain softening bediscussieerd.
Het intrinsieke post-yield gedrag, strain-softening en strain-hardening bepalen het ma-
croscopisch deformatiegedrag van glasachtige polymeren. De lage strain softening en
sterke strain hardening van polycarbonaat zorgen ervoor dat een trekproef een stabiele
nek wordt gevormd. Wordt echter door een warmtebehandeling de vloeispanning en
strain-softening verhoogd, dan heeft dit sterkere rek-lokalisatie tot gevolg en kan zelfs
leiden tot brosse breuk in een laag-moleculaire polycarbonaat. De wijze van deformeren
kan goed voorspeld worden met behulp van een nek-stabiliteitsanalyse. De hoge strain-
softening en bijna ontbrekende strain-hardening heeft een extreme rek-lokalisatie tot
gevolg voor polystyreen. Echter door mechanische verjonging kan de strain softening
tijdelijk verwijderd worden, hetgeen in een trekproef vervolgens leidt tot een verhoogde
ductiliteit.
Met numerieke simulaties gebruikmakend van het compressibel Leonov model kan het
deformatiegedrag en rek-lokalisatie uitstekend beschreven worden. Door het ontbreken
van een faalcriterium kan echter niet voorspeld worden of er taaie of brosse breuk
zal optreden. Door middel van micro-indentatie kunnen experimenteel op een repro-
duceerbare wijze crazes worden geïnitieerd in polystyreen. Met de eerder genoemde
numerieke simulaties kan vervolgens lokaal de spanningstoestand geanalyseerd wor-
den. Deze combinatie heeft geleid tot de identificatie van een craze-intiatie criterium.
Bij een kritische hydrostatische spanning van 40 MPa, onder de voorwaarde dat dit
wordt voorafgegaan door plastische deformatie, vindt cavitatie en holte-vorming plaats.
Verdere validatie van dit criterium toont aan dat het onafhankelijk is van de thermische
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geschiedenis en reksnelheid maar toeneemt met de netwerkdichtheid.
De aanwezigheid van een absolute lengteschaal is onderzocht door middel van inden-
tatie. In micro- en nano-indentatie experimenten is op verschillende schalen de kracht-
verplaatsingscurve en dus de weerstand tegen indentatie gemeten. Uit vergelijking met
numerieke simulaties, waarin de lengteschaal geen rol speelt, blijkt dat voor grote in-
denters en grote indringdieptes de experimenten en simulaties met de bulk eigenschap-
pen, goed overeenkomen. Voor de kleinste indenter (2.2 �m) en kleine indringdieptes
(100 nm) is de weerstand tegen indentatie echter veel lager dan voorspeld in de si-
mulatie. Dit duidt erop dat in een dunne laag aan een vrij oppervlak de mechanische
eigenschappen anders kunnen zijn dan de bulkeigenschappen.
In het afsluitende hoofdstuk worden de numerieke simulaties gebruikt om bros-taai
overgangen te voorspellen voor een representatief volume element (RVE) van poly-
styreen matrix met gaten. Hierbij wordt gebruikt gemaakt van het eerder bepaalde
craze-initiatiecriterium uit hoofdstuk 5. Een verhoging van de temperatuur leidt tot
een dusdanige verlaging van het spanningniveau binnen het RVE dat bij een temper-
atuur van 70ÆC de kritische hydrostatische spanning niet meer wordt gehaald en dus
een overgang van crazing naar shear-yielding is bereikt. Ook is getracht de invloed
van een abolute lengteschaal mee te nemen in deze simulaties, gebruikmakend van de
resultaten van hoofdstuk 6. Door een temperatuursgradient in de buurt van een vrij
oppervlak aan te nemen wordt lokaal verhoging van segmentele mobiliteit bereikt. Dit
leidt lokaal weer tot een verlaging van de vloeispanning en strain-softening. Het blijkt
dat beneden een kritische ligamentdikte van ongeveer 15 nmin polystyreen tussen de
gaten geen crazing meer plaatsvindt en dus een bros-taai overgang is bereikt. Beide
bros-taai overgangen komen goed overeen met experimentele observaties.
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