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Abstract

High entropy alloys (HEAs) have been the subject of numerous investigations during past 20 years.
Various alloy systems have been explored to identify HEA systems with improved property combinations,
leading to an extraordinary growth of this field. Equiatomic single face-centered cubic (FCC) structured
CoCrFeMnNi alloy, also known as Cantor alloy, has attracted increased attention in the past decades
largely because of its excellent mechanical properties. The most remarkable feature of this alloy is the
superior combination of ductility and strength at cryogenic temperatures in comparison with that at
room temperature, especially in a fine-grained state. Generally, CoCrFeMnNi alloy exhibits a dramatic
ductility and strong work hardening performance at cryogenic temperature but lacks comparable

strength.

To improve the strength, CoCrFeMnNi alloys with reduced Cr content and with the addition of
different contents of carbon as interstitial impurity were synthesized for following study. High-pressure
torsion (HPT) process, as the most effective severe plastic deformation (SPD) method, was performed
to obtain nanocrystalline HEAs. Meanwhile, the evolution of microstructure and hardness was
investigated during HPT process. Subsequently, the mechanical properties were analyzed in specimen
with saturated microstructure. Based on electron microscopy characterization, the microstructure and
composition fluctuation were investigated on the nanocrystalline HEAs. The results indicated that carbon
interstitial alloying significantly promoted the grain refinement, dislocation density increase,
improvement of yield strength and the carbon segregation at the grain boundaries. Herein, the
mechanism of the grain fragmentation, deformation behavior and strengthening and fracture
mechanisms were discussed in the following chapters. The C segregation behavior during HPT at room
and cryogenic temperature were studied in detail. The results of this work could be a good reference for

the production of high strength HEAs using SPD methods.

Post deformation annealing has been used in SPD processed alloys to gain comprehensive
performance avoiding the brittle fracture. Hence, the exploration of thermal stability of the C alloyed
nanocrystalline HEAs is essential to promote the improvement of the mechanical properties. Using
electron microscopy, the elemental segregation, nucleation of precipitates, decomposition of matrix
phase decomposition and grain growth were illustrated after annealing at different temperature. The
results suggested that the single FCC phase nanocrystalline HEA is thermally stable up to 400 °C.
Significant co-segregation of alloy constituent elements and precipitation occur from 500 to 600 °C. New
phases such as CoFe B2 phase, NiMn FCC phase and M;C3 carbides formed during the annealing at the
medium temperature interval from 500 to 600 °C. The development of the precipitation process and the

effect of precipitates on the mechanical properties are unveiled in following chapters. Consequently, the



results in the present work optimized the current inference on the thermal stability of nanocrystalline

HEAs and proposed a theoretical model for the precipitation process.



Zusammenfassung

Hochentropie-Legierungen (HEAs) waren in den letzten 20 Jahren Gegenstand zahlreicher
Untersuchungen. Es wurden verschiedene Legierungssysteme erforscht, um HEA-Systeme mit
verbesserten Eigenschaftskombinationen zu identifizieren, was zu einem auf3erordentlichen Wachstum
dieses Bereichs fiihrte. Die CoCrFeMnNi-Legierung mit d&quiatomarer, kubisch-flachenzentrierter (FCC)
Struktur, die auch als Cantor-Legierung bekannt ist, hat in den letzten Jahrzehnten vor allem wegen
ihrer hervorragenden mechanischen FEigenschaften grolle Aufmerksamkeit auf sich gezogen. Das
bemerkenswerteste Merkmal dieser Legierung ist die iiberlegene Kombination aus Duktilitit und
Festigkeit bei kryogenen Temperaturen im Vergleich zu Raumtemperatur, insbesondere im feinkdrnigen
Zustand. Im Allgemeinen weist die CoCrFeMnNi-Legierung eine dramatische Duktilitdt und eine starke
Kaltverfestigung auf, vor allem bei kryogenen Temperaturen, aber es fehlt ihr an vergleichbarer

Festigkeit.

Um die Festigkeit zu verbessern, wurden fiir die folgende Studie CoCrFeMnNi-Legierungen mit
reduziertem Cr-Gehalt und mit unterschiedlichen Gehalten an interstitiellem C synthetisiert. Das
Hochdruck-Torsionsverfahren (HPT), die effektivste Methode der schweren plastischen Verformung
(SPD), wurde an den Versuchslegierungen durchgefiihrt, um nanokristalline HEAs zu erhalten.
Wiéhrenddessen wurden die Mikrostruktur und die Héarteentwicklung im laufe des HPT-Prozesses
untersucht, und im  Anschluss weitere = mechanische Eigenschaften. = Anhand der
elektronenmikroskopischen Charakterisierung wurden die Mikrostruktur und die Schwankungen der
Zusammensetzung der nanokristallinen HEAs untersucht. Die Ergebnisse zeigten, dass die interstitielle
C-Legierung die Kornverfeinerung, die Erhohung der Versetzungsdichte, die Verbesserung der
Zugfestigkeit und die C-Segregation an den nanokristallinen Korngrenzen erheblich férdert. Die
Mechanismen der Kornfragmentierung, des Bruchs und der Verfestigung wurden in den folgenden
Kapiteln diskutiert. Das C-Segregationsverhalten wahrend der HPT bei Raum- und Tiefsttemperatur
wurde im Detail untersucht. Die Ergebnisse dieser Arbeit konnten eine gute Referenz fiir die Herstellung

hochfester Legierungen mit SPD-Methoden sein.

Das Glithen nach der Verformung ist bei SPD-verarbeiteten Legierungen iiblich, um eine verbesserte
Leistung zu erzielen und Sprodbriiche zu vermeiden. Daher ist die Erforschung der thermischen
Stabilitdt der C-legierten nanokristallinen HEAs fiir die Verbesserung der mechanischen Eigenschaften
sehr bedeutend. Durch elektronenmikroskopische Untersuchungen wurden die Entmischung der
Elemente, die Keimbildung von Ausscheidungen, die Zersetzung der Matrixphase und das
Kornwachstum nach dem Glithen in einem breiten Temperaturintervall veranschaulicht. Die Ergebnisse
deuten darauf hin, dass die nanokristalline Hochentropie-Legierungen in einer FCC-Phase bis 400 °C

thermisch stabil ist. Zwischen 500 und 600 °C kommt es zur Ausscheidung von sekundéren Phasen und



Bildung von Korngrenzenssegregationen. In diesem Temperaturintervall bildeten sich neue Phasen, wie
die CoFe B2-Phase, die NiMn FCC-Phase und M;Cs-Karbid. Die Entwicklung der phasen und die
Auswirkungen auf die mechanischen Eigenschaften durch die zahlreichen Ausscheidungen werden in
den folgenden Kapiteln vorgestellt. Infolgedessen optimierten die Ergebnisse der vorliegenden Arbeit die
derzeitigen Erkenntnisse iiber die thermische Stabilitit von nanokristallinen HEAs und schlagen ein

theoretisches Modell fiir den Ausscheidungsprozess vor.

VI
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1 Introduction

Since the Bronze Age, human beings have been altering the properties of metallic materials by
forging and adding alloying elements. For example, the bronze sword of Goujian is renowned for its
unusual sharpness, intricate design and remarkable corrosion resistance [1]. This blade still keeps sharp
and tough even though it is around 2500 years old. At modern era, iron and steels are widely used in all
industrial fields. Subsequently, elements such as carbon, chromium, and nickel are added for strength
and corrosion resistance, respectively. Nowadays, according to the basic alloying method of adding
relatively less amount of other elements to a primary element, the alloys are divided into different

categories: magnesium alloys, aluminum alloys, ferrous alloys, titanium alloys and so on.

However, in the past twenty years, a new approach based on mixing multiple principal elements
has been suggested, which stands in strong contrast with traditional ways. Jien-Wei Jeh and co-authors
have introduced the concept of High Entropy alloys (HEAs) in 2004 [2] where they proposed the
increased entropy of mixing as a possible reason for solid solution stability in multi-principal element
alloys. They gave a definition of HEAs as follows: High entropy alloys are composed of five or more
principal elements whose concentration are between 5 and 35%. According to the Boltzmann’s
hypothesis on the relationship between entropy and system complexity [3], completely utilizing the
advantage of high mixing entropy in liquid state one can obtain alloys with highly uniform composition.
Therefore, a simplified problem is that all the considered solid solution are ideal. In this case, the ideal

entropy of mixing is given by the equation:
ASmix = —Rinlnxi (].].)

where R is the gas constant and x;is the mole fraction of the /' element. When the compositions of the

alloys are equiatomic, xi=x>=x3 and so on. Then the equation can be simplified to:

AS,ix = Rlnn (1.2)

where n is the number of elements in the alloy. For instance, ASmix for equiatomic alloys with 3, 4, 5 and

6 elements are 1.10R, 1.39R, 1.61R and 1.79R, respectively. Therefore, Yeh divided all alloys into three

groups according to the ASnix value. 1R is recommended as a borderline for medium and low entropy

alloys while 1.5R is recommended for a borderline between high and medium entropy alloys (MEAs)

[4]. Based on the definition, some typical alloys are schematically shown in Figure 1.1.
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Figure 1.1 Configurational entropies calculated for typical alloys at random state [5].

Due to the ambiguity in the definition of HEAs, some researchers prefer other terms such as multi-
principal elements alloys (MPEAs), multi-component alloys (MCAs) and complex concentrated alloys
(CCAs) [6]. However, these terms are somewhat beyond the restrictions for entropy-based alloy design.
Therefore, for the historic reasons, HEAs is the prevalent term used by now, not necessarily restricted to

its original definitions.

The multicomponent alloy FezoCraoMn2oNizCoz0, Wwhich shows a single solid solution with a face
centered cubic (FCC) structure was introduced by B. Cantor and co-workers in 2004 [7]. This is the first
introduced and the most well-known and widely investigated composition, which is usually used with
the name of Cantor alloy. The recent researches about the family of Cantor alloy will be presented in

Chapter 2.

However, it was found that this kind of single FCC phase HEAs normally exhibits excellent ductility
but lack of practical strength [8-10]. One of the approaches to improve the strength directly is alloying
with interstitial elements. The invasion of the interstitial atoms deforms the alloy’s lattice, leading to
local stress fields that impedes dislocation motion to strengthen the alloy [11]. The elements commonly
used as interstitials include carbon, boron, oxygen, nitrogen and hydrogen. Carbon is the one of the
widely used interstitial element in ferrous alloys, starting from very early times, from Iron Age.
Nowadays, small amounts of carbon are also used to alloy HEAs, especially in single FCC structured

HEAs to improve the strength while increasing or at least not decreasing the ductility [12-14].

Severe plastic deformation (SPD) is now widely used for processing bulk ultrafine-grained (UFG)
alloys. The general principle of SPD method has been proposed since the 30s of last century [15], but
the procedure has become of general scientific interest only within the last 30 years. The methods
receiving the most attention are equal-channel angular pressing (ECAP) [16], accumulative roll-bonding
(ARB) [17] and high-pressure torsion (HPT) [18]. The detailed mechanism of HPT and synthesis

procedure of the studied materials will be introduced in Chapter 3 of this thesis.




Due to increasing the volume fraction of grain boundaries and triple junctions introduced by SPD

methods, the physical and mechanical properties of UFG alloys can be outstandingly altered according

to Hall-Petch relationship [19,20], according to the following formula,
o =0y +kd1/? (1.3)

where oy is the friction stress needed to move individual dislocations in defect-free lattice, kis a material
constant and d is the average grain size. For instance, some of available data collected from several
metallic alloys systems are summarized in a Hall-Petch plot shown in Figure 1.2 [21]. It was found that
the grain size exponent for relatively large grains appears to be very close to -1/2 and this tendency
usually lasts to ultrafine grain regime. The reported data show three different regions: (1) a region from
single crystal to a grain size of about 1 mm where the classical Hall-Petch description can be used; (2) a
region for grain sizes ranging from about 1 mm to about 30 nm where the Hall-Petch relation roughly
holds, but deviates from the classical -0.5 exponent to a value near zero (to ascertain such behavior, a
wide range of grain sizes extending into the ultra-fine grain size regime is required); and (3) a region
beyond a very small critical grain size where the Hall-Petch slope is essentially zero, with no increase in
strength on decreasing grain size or where the strength actually decreases with decreasing grain size,
also known as inverse Hall-Petch relationship. This relationship between nano-grained microstructure

of HEAs and mechanical properties will be discussed in Chapter 4 and Chapter 6.
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Figure 1.2 Compilation of yield stress data for several metallic systems [21].
Owing to the high-volume fraction of grain boundaries, the nano-structured alloys normally have a

relatively high strength but poor ductility. Based on this consideration, post deformation annealing

processing is required to obtain strength-ductility balanced mechanical properties. Therefore, further




investigation on the thermal stability of SPD HEAs is necessary, which can reveal the microstructure

evolution of the UFG HEAs. In this case, it will be helpful to find a balance of strength and ductility. This

will be discussed in Chapter 5 and 6.

The aim of this dissertation is to understand the structure-property relationship of nanocrystalline
single FCC structure HEAs with additional C interstitial alloying produced by SPD method. To achieve
this goal, the research was focused on comprehensive microstructure characterization and mechanical
tests. Firstly, we studied the microstructure evolution based on SPD process and interstitial addition into
Cantor type HEA. Subsequently, the tensile test and microhardness measurements were conducted and
the results were discussed combining with the microstructures. To obtain a balanced performance of
mechanical properties, post deformation annealing process was carried out on the alloy deformed after
HPT. Meanwhile, the thermal stability of nanocrystalline HEAs is investigated during the annealing
process. Finally, the mechanical properties corresponding to the samples annealed at different
temperatures were explored. Ultimately, the real engineering applications of HEAs can be accelerated

based on the present research.




2 Fundamentals

HEAs as a new family of alloys were first referred to by Yeh et al. in 2004 and equiatomic
CoCrFeMnNi single solid solution HEA was introduced by Cantor et al. at the same time [2,7]. However,
Prof. Yeh and Prof. Cantor have already spent decades of years on the research of HEAs and multi-
principal elements alloys before these publications. Without their excellent persistence and endurance,

the HEAs would not receive the current world-wide attention.

2.1 High entropy alloys characteristics

The quinary CoCrFeMnNi alloy was the first one of the single-phase FCC solid solution alloys and
the most widely investigated one. Therefore it also exhibits the four core effects of HEAs, which are high-

entropy, severe lattice distortion, sluggish diffusion and cocktail [4].

The high entropy effect is said to be the signature concept of HEAs as it can enhance the formation
of solid solutions and makes the microstructure much simpler than expected. According to the Gibbs free

energy equation, increasing entropy of the mix will decrease the total free energy:
AGpix = AHpix — TASix (2.1)

where AHqix and ASyix are enthalpy and entropy of mixing, respectively, therefore a higher number of
elements would potentially lower the mixing free energy. However, it should be pointed out that adding
a new element may lead to a formation of intermetallic phases more stable than solid solution [22].
According to a rough calculation from Miracle et al, ASxix of HEAs may be sufficient to destabilize 5%-
10% of intermetallic compounds at room temperature (RT) [23]. They also believed that the effect will
also provide a new approach to control the microstructure and properties by formation of the
precipitation-strengthened HEAs, such as an eutectic dual-phase AlCoCrFeNi HEA with homogenous

distribution of BCC and FCC lamellar phases [24] and FeNiAlTi medium-entropy alloy with

nanoprecipitates [25].
If it is considered as an ideal solution, the effect of enthalpy of mixing can be neglected comparing
to the ASnix. In such case, the change in Gibbs free energy leads to a change in the configurational

entropy [26]:
AGmix = _TASmix = RTZXL' lnxi (22)

where R is the ideal gas constant (8.314J mol'K!) and x; is the concentration of component 7 in the
mixture. This equation is valid in the case of any given multi-component alloy, the constituents would

have to be such that they do not introduce significant enthalpy and non-configurational entropy




contributions. For equiatomic component alloys, the configurational entropy of mixing reaches its

maximum and can be written as follows:
AS,ix = Rlnn (2.3)

where n is the number of elements. For the quinary CoCrFeMnNi alloy the ASyix is 1.61R. Since these

elements in the multicomponent solid solutions have a different atomic radius, it was suggested that
their incorporation into a single crystal structure would result in a larger number of atoms being statically
displaced from their ideal positions (local lattice strain), than would be found in a compositionally
simpler solid solution phase, thus leading to the severe lattice distortion effect [27]. For an example in
Figure 2.1, the ideal single element alloy shows a monatomic distribution at the left and a HEA at the
right side [27,28]. Consequently, it can be expected that the high distortion is one of the core principles
of HEA. Even though HEAs contain a strong internal distortion, the structure of HEAs remains a long-
range average crystalline structure which show well-defined Bragg reflation. Therefore, lattice distortion
can cause an increase in X-ray diffuse scattering effect [29]. The evidence of lattice distortion obtained
by this kind of analytic methods was later disputed because of the confounding effects from thermal
vibration and crystallographic texture on the diffraction peak intensity [30]. Owen et al. systematically
investigated the lattice distortion using neutron diffraction in Ni, NiCr(o/25/33), C0375Cr2sNi and
CoCrFeMnNi [31]. They found that the lattice strain in CoCrFeMnNi is larger than in pure Ni,
nonetheless, the magnitude of the lattice strain is not significant and similar to that in NiCr and
Cos7.5CrasNi. Tong et al. presented a similar result regarding the lattice distortion in CoCrFeMnNi and
CoCrFeNiPd HEAs by X-ray total scattering and extended X-ray absorption fine structure[32]. They
indicated that the lattice distortion is rather low in CoCrFeMnNi but large in CoCrFeNiPd alloy due to
the large radius of Pd atom. The study of lattice distortion is still in process by researchers to fully

00000
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Figure 2.1 Schematic illustration of an ideal monatomic material (on the left) and of HEA (on the right). Colored spheres
with different atomic radii indicate individual atomic species [27].




It was proposed that a sluggish diffusion effect is due to atomic level variation of the individual

jump barriers induced by the mixture of different elements leading to a decrease of the diffusion rates
Presumably this effect stabilizes the HEAs from phase decomposition or coarsening of nano-precipitates
[33]. Normally, two types of diffusion are distinguished: interdiffusion and self-diffusion. Therefore,
self-diffusion was usually investigated by means of tracer-diffusion techniques to verify the sluggish
diffusion effect. The slow diffusion coefficients lead to exceptional temperature strength, impressive
high-temperature structural stability, and formation of nanostructures [34-36]. Tsai et al. initially
analyzed the diffusion behavior in the CoCrFeMnNi solution system and they found that the sequence in
the order of decreasing diffusion rate was Mn, Cr, Fe, Co, and Ni [34]. The sluggish diffusion effect was
determined in experiments on interdiffusion using pseudo-binary diffusion and extrapolated tracer
diffusion coefficients based on ideal solution behavior of CoCrFeMnNi alloy. Later, it was challenged by
Paul regarding the calculation and analysis [37]. The tracer diffusion coefficients in CoCrFeMnNi system
alloys were investigated by some researchers [38-41]. They suggested that the diffusion is not
anomalously slow with respect to absolute temperatures, however, it may be such when examined with
the respect to homologous temperatures. Some results confirmed the sluggish diffusion effect in HEAs
[42] while some others believe that sluggish diffusion effect cannot be generalized for all of HEAs [43-
45]. The sluggish diffusion as one of core effects in HEAs have attracted enormous attention. However,
more careful diffusion measurements are still needed to discover the exciting results. By now the term

“sluggish” has to be considered with a historical respect [46].

The cocktail effect is also a matter for discussions. It was initially proposed by Ranganathan that
mixing of at least five major elements should lead to a synergic effect far beyond a simple sum of
properties of constitutive metals [47]. However, the multi-metallic cocktail effect, which provides new
opportunities for designing metallic alloys with a balanced combination of high strength and high

ductility, has not been widely approved so far [48].

2.2 Mechanical properties of FCC HEAs

Like other polycrystalline metals and alloys, HEAs derive their basic strengths from the intrinsic
lattice resistance to dislocation motion and additional strengths from various incremental strengthening

mechanisms. The yield strength (YS) of an alloy can be calculated as follows,
Oy = Oss + O + 0p + 0gp + Oppt + Opp + Oppe (2.4)

where,oy is solid solution strengthening including substitutional and interstitial solid solution
strengthening ,or is the friction strengthening, o,is the dislocation strengthening deduced from pre-
existing dislocations, oy is grain boundary strengthening, opp:e is the precipitation strengthening, owis

the twin boundary strengthening ,opn: is the phase-transformation induced strengthening and oy is the




yield strength summation of above all [11]. Generally, the strengthening calculation may not include all

of the mechanisms but depending on the alloy design and strategy adopted and processing applied. For
instance, the strength of the, Fe-Ni—Al-Ti medium-entropy alloy is a combined effect of o, 0, Tyb, Tppt

and opne [25]. Each mechanism of the strengthening will be introduced in detail.
2.2.1 Solid solution effect

The CoCrFeMnNi alloy was one of the first equiatomic HEAs reported to crystallize as a single phase
FCC solid solution [7]. Normally, pure FCC metals don’t show temperature dependence of yield strength
from 77 K to 500 K [49]. However, in the FCC CoCrFeMnNi, Cantor alloy and other FCC HEAs and MEAs
exhibit relatively strong temperature dependence of yield strength with almost a factor of four increase
as the temperature is decreased from 700 to 77 K [50,51]. While this behavior is different from that of
pure FCC metals, it is by no means unique if we consider the broad swath of FCC alloys, for instance,
the Cu-Zn and Cu-Al binary FCC solid solutions system. Figure 2.2 shows the temperature dependence
of yield strength of FCC HEAs and MEAs. It shows obviously temperature dependence of yield strength.
Additionally, one more point can be found in Figure 2.2 is that solid solution strengthening differences
are driven by atomic size misfit. Normally, it is often predicted that high-entropy alloys should be
stronger than conventional alloys or alloys with fewer elements because of enhanced solid solution
strengthening from the large number of constituent elements. However, it is hard to explain with Figure
2.2 where CrCoNi ternary MFEA indicated the highest yield strength. In addition, the alloys being
compared should all have the same phase composition and their relevant microstructural features should
be similar. Upon this point, the first study that met these criteria showed that increasing the number of
elements from four in CrFeCoNi to five in CoCrFeMnNi did not change the yield strength significantly
[52]. Subsequently, a more detailed study were produced on all the singe-phase FCC subsets of the
Cantor alloy [51]. The alloys were thermomechanically processed to have roughly the same grain size.
Clearly, strength does not increase monotonically with the number of alloying elements or entropy.
Alloys with the same number of elements had significantly different strengths: FeNiCoCr is much
stronger than FeNiCoMn, CrCoNi is much stronger than MnFeNi and FeNi is much stronger than NiCo.
In other words, strength is not determined by the sheer number of alloying elements, rather the type of

element matters.
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Figure 2.2 The temperature dependence of the 0.2 % offset yield stress of the equiatomic alloys and pure Ni [51].

In order to explore the most effective elements in the complex concentrated solid solutions, some
researchers tried to find out the volume misfit which can be determined by atomic displacement
parameter (ADP) [53]. It is the sum of squares of the constituent atoms displacement from the mean
positions due to vibrations and the static displacements of the mean positions form the ideal lattice
points. For CoCrFeMnNi alloy, the values for the ADP at 25 and 300 K were found to be approximately
24 and 59 pm?, respectively, while it is 24 pm? at 25 K calculated by first principles calculations [53].
The results from the above publication revealed that Cr with the largest effective radius has the biggest

effect on solid solution strengthening.

Interstitial solid solutions form by squeezing small solute atoms into interstitial sites between the
solvent atoms. Carbon is one of the most commonly used elements for interstitial strengthening.
Interstitial solutes normally cause a tetragonal distortion to the lattice, producing a shear field that

strongly interacts with the edge, screw, and mixed dislocations [11].

Fleischer proposed the yield strength increase by interstitial strengthening as follows [54,55]:

MGAecl/?
Ojss = —3 (25)

where M= 3.06 is the Taylor factor, G is the shear modulus, c is the concentration of the soluted

interstitials and Ag¢ is the difference between the longitudinal and transverse strains of the tetragonal

distortion source.




Li et al. alloyed 0.5 at % carbon into FeMnCoCr MEA which leaded to a significant increasing of

yield and ultimate strength but a slightly lower elongation in comparison with not-alloyed state [56].
Additionally, the tensile strength of the grain-refined interstitially-alloyed HEA is nearly twice that of the
corresponding single-phase equiatomic CoCrFeMnNi alloy, while their elongation values under tensile
load are identical. Figure 2.3 shows the exceptional strength-ductility combination found for interstitially
alloyed HEAs. Furthermore, the alloys exhibit a substantial damage tolerance, characterized here in
terms of total elongation multiplied by ultimate tensile strength, exceeding that of most metallic
materials. Stepanov et al. prepared a set of CoCrFeMnNi containing 0, 2.0, 3.4 and 4.8 at. % of carbon
[57]. Carbides were formed in alloys with higher carbon concentration and less than 1.38 at. % of carbon
can be dissolved in CoCrFeMnNi alloy according to thermodynamic predictions. Nevertheless, the
microhardness increases with the increasing of carbon content in the alloys from 160 HV of the
CoCrFeMnNi alloy to 275 HV of the CoCrFeMnNiCo.s alloy. Similarly, Chen et al. and Wu et al. also
investigated the carbon-containing CoCrFeMnNi alloys and have the approximate conclusions that both
yield strength and ultimate tensile strength were increased by minor C addition while high uniform
elongations to fracture are still maintained [13,14]. However, an overdose of carbon can still maintain
the interstitial strengthening effect but will deteriorate ductility significantly, partly because of the

precipitation of carbides such as M;Cs and M23C¢ at grain boundaries or in grain interiors [13,45,57].
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Figure 2.3 Strength-ductility profiles of various classes of metallic materials including HEAs [56].
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2.2.2 Grain size effect (Hall-Petch in HEAs)

As HEAs are normally polycrystalline solids, the grain boundary strengthening often needs to be

taken into considerations which does not remain constant but depends on the average grain size. The
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increase of the yield strength with the decreasing grain size, og, can be described by the Hall-Petch

strengthening [19,20],
Ggp = kd™1/? 2.6)

where kis the Hall-Petch strengthening coefficient and dis mean grain size. The kvalue can be rigorously
estimated by linear fitting procedure using the full Hall-Petch relation which has been mentioned in

Chapter 1, equation (1.3).

The Hall-Petch relationship of CoCrFeMnNi was initially reported by Liu et al. using Vickers
hardness measurements [58]. Subsequently the tensile measurements were performed to investigate the
Hall-Petch relationship from 77 to 873 K [9]with the grain sizes of 4.4, 50, and 155 um. The k coefficients
were found to vary from ~530 to ~420 MPa pm ~2 which shows a decreasing with temperature
increasing and it is 494 MPa um ~'2? at RT. Afterwards, a series of samples of fully recrystallized
CoCrFeMnNi alloy with grain sizes in a range from 0.5 to 88.9 um were produced to measure the Hall-
Petch slope at RT [59]. Figure 2.4 (a) shows the tensile engineering stress-strain curves of the
CoCrFeMnNi HEA specimens with different grain sizes and Figure 2.4 (b) reveals the typical Hall-Petch
relationship fitted between the yield strength and the inverse square root of grain size. The & slope of
this result is close to the one above, which is 490 MPa um ~2. In the ternary CoCrNi alloy, the value of
the slope is 265 MPa pm~"? measured with fully recrystallized FCC single phase with various grain size

from 0.2-111 um [60].
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Figure 2.4 (a) Tensile engineering stress-strain curves of the fully recrystallized CoCrFeMnNi HEA with different grain sizes.
(b) Plots of yield strength against inverse square root of grain sizes for the CoCrFeMnNi[59].

In general, we can find that HEAs have both higher o, and & values than their pure metal
counterparts [61]. The higher oo value in HEAs is originated from their enhanced solid solution
strengthening compared to pure metals, attained by the severe size and modulus mismatch of different
atomic species [60,62,63].The higher & slope in the HEAs is an implication of harder slip transfer

between grains and more significant grain boundary strengthening, which is caused by the fact that
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curvy due to the severe lattice distortion dislocation lines in HEAs slip harder than the straight ones in

pure metals [58]. Some researchers suggested that & slope was initially affected by stacking fault energy
(SFE) and shear modulus, analogous to the correlation in other alloy systems [51,64,65]. Meanwhile,
the alloys with a large shear modulus usually require larger shear stress to glide dislocations through the

lattice and lager dislocations pile ups at grain boundaries leading to a high & slope [65].
2.2.3 Dislocation effect

Expect the ideal perfect crystal, all metallic materials contain the pre-existing dislocations to varying
extent. Dislocations from specific slip planes interact with each other while the stress is applied. This
dislocation interaction mechanism essentially constitutes the core of dislocation strengthening. The
higher the number of dislocations in a material, the higher the strength increase from the dislocation
strengthening. Based on this theory, the strengthening from dislocation can be described by Taylor

model,
0, = MarGbp*/? 2.7)

where M/=3.06 is the Taylor factor, Gis the shear modulus, «r is a constant approximated to 0.2 for FCC
alloys, b is the magnitude of the Burgers vector and p is the dislocation density. Once we have known
the Young’s modulus £, and Poisson’s ratio v, G can be calculated from G = E/2(1 + v). The value of b
is calculated knowing the lattice structure. In order to determine the dislocation density, p , following
equation may be used [66-68],

_ 24/3¢
T db

(2.8)

where dis the mean crystallite size and ¢ is the micro-strain (lattice strain) in the materials. Or with the

equation proposed by Williamson and Smallman [69],
Ll
p = 16.1p2 (2.9)
Both microstrain and crystallite size can be determined from the analysis of the line broadening of
the X-ray diffraction (XRD) peaks, for example, using Williamson-Hall method [69,70].There are also
some other methods to retrieve the density of dislocations, such as from Transmission Electron

Microscopy (TEM) images using Ham’s method [71].

However, the dislocation density in fully recrystallized and slow cooled alloys is very low which can
be neglected sometimes comparing with cold worked alloys. Woo et.al compared the dislocation density
between CrCoNiFe and CrCoNi MEAs deformed at 293 and 140 K with in-situ neutron diffraction [72].

In CrCoNiFe alloy, the dislocation density of as-received alloy increased from ~6.3x 10* m?2 up to 3.4
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x 10" m2 with a strain of 0.6 at RT while the dislocation density had significantly increased from 1.9 to

9.7 x 10" m in the CrCoNi at 293 K, as shown in Figure 2.5. Thirathipviwat et al. performed the high
energy synchrotron XRD studies on pure Ni, FeNiCo and CoCrFeMnNi after cold swaging processing and
post deformation annealing [73]. The results shows that dislocation density in CoCrFeMnNi, FeNiCo and
Ni after cold-swaging process is 12 x 10* m2, 6.7 x 10'* m2 and 2.8x 10'* m™?, respectively and the level
of dislocation accumulation it related to the number of constituent elements and the intrinsic properties.
Fu et al. calculated the dislocation strengthening in nanocrystalline CoasNiasFeasAlysCuizs alloy
fabricated using mechanical alloying followed by spark plasma sintering [74]. Consequently, the

calculated dislocation strengthening is ~600 MPa, 33 % of yield strength.
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Figure 2.5 Microstructure related parameters dislocation density as a function of engineering strain in MEAs at indicated
temperatures [72].

2.2.4 Precipitation effect

Precipitation strengthening was first discovered in aluminum alloys by Alfred Wilm, a German
metallurgist in 1901. Nowadays, people developed a series of methods to improve the balanced
mechanical properties of alloys, including HEAs, by utilizing precipitates by composition design and heat
treatment process. Due to complex chemical composition and limitation of solute-element solid
solubility, various precipitates including coherent precipitates formed from oversaturated matrix, which
can also cause the strength increase without simultaneous decrease of plasticity. The strengthening effect
of precipitates essentially stems from their blockages to dislocation motion. The way that precipitates
interact with and thus retard moving dislocations determines how a material is strengthened. Depending

on the size and the lattice coherency with the matrix material, precipitates may impede dislocation
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motions in two broadly distinct ways. One is particle shearing mechanism (type I) and the other is

Orowan by-pass mechanism (type II), which mainly depends on the size and strength of the precipitates
[75]. In shearing progress, the size of precipitates is normally small and it is affected by the coherency
strain, SFE, ordered structure, modulus effect, interfacial energy and morphology, and lattice friction
stress [11]. Since the precipitates grow up, the dislocation moves to bend around the particle until it is
enclosed completely and the dislocation can move on, leaving a dislocation loop around the by-passed

particle.

At present, the small-sized nanoprecipitates in HEAs mainly include the carbides (M23Cs and M;Cs)
[57,76,77]1, v' phase with a L1, structure [78-80], y” phase with a DOj. structure [81], B2 phase
precipitate [82], hard ¢ phase [83] and p phase [84]. Typical cuboidal AINb L1, nano-precipitates are
shown in Figure 2.6 in bright field (BF) and dark field (DF) TEM image from the [001] zone axis in (a)
and (b), respectively [80]. Figure 2.6 (c) indicates the composition distribution maps of each element
acquired from Atom probe tomography (APT). In Figure 2.7, a BF-TEM micrograph of a NbC particle in
CoCrFeNiNbys C o.s HEA and corresponding High-resolution transmission electron microscopy (HRTEM)

image indicate the coherent relationship between the FCC matrix and the NbC particles [77].

Figure 2.6 (a) Typical bright-field micrograph showing the microstructure of the (NiCoFeCr)oAlsNbs HEA. (b) Dark-field
micrograph obtained from the superlattice spot corresponding to the ordered structure. (c) lon maps of the individual elements
from APT [80].
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Figure 2.7 Intragranular nanoscale NbC precipitates in the CoCrFeNiN
image showing coherency between the matrix and NbC particle [77] .

bos C 0.5 HEA: (a) BF-TEM image and (b) HRTEM

As mentioned before, there are two mechanisms of interaction between dislocations and second

phase particles, the overall strengthening can be combined as follow [68],

Oppt = fIAJzI) + fHAJII)I (2.10)

where do'and Ao" are the precipitation strengthening resulting from the type I and II particle and £fand

fi are the volume fractions of the regions containing the type I and II particles. Three contributing factors
are considered and they are particle-matrix coherency (ocs), modulus mismatch (oms) and atomic
ordering (oos) [85-87]. The former two make contributions prior to the shearing, while the latter one

contributes in the process of cutting through particles. The equations for the type I contributions are as

follows,

— Ma.(Ge. )2 (L2172 2.11
ocs = Mag( ea)z(O.SGb) (2.11)
and

3 3m
ous = 0.0055MAGz(2LE) 1/2(5) 2~ (2.12)

where a. =2.6 for FCC structure, &, is the constrained lattice parameter misfit with the lattice parameter
difference between the precipitates and the matrix; r is the average particle radius; % is the volume
fraction of the precipitates; AG is the shear modulus mismatch between the precipitates and the matrix;

m is a constant taken to be 0.85.

The strength increment is primarily dictated by atomic ordering for type II particles, given by

dos = M0.817428 (/e 1/2 (2.13)

where yaps is the anti-phase boundary energy of the precipitates.
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He et al. designed (FeCoNiCr)o4Ti2Als precipitation-hardened HEA with coherently L1, structured

Nis(Ti, Al) precipitates in the FCC matrix [68]. With proper thermomechanical processing, the particle

size are 12.6 nm and 46.3 nm while the contributions are 305.6 MPa and 371.9 MPa, respectively.
2.2.5 Deformation twinning effect

It is known that high density of twin boundaries in FCC alloys imparts a high tensile strength while
keeping a considerable ductility which is attributable to the blockage of twin boundaries to dislocation
motion [88]. More specifically, twins generated during deformation gradually introduce new interfaces
to reduce the dislocation mean free path and thus contribute to strengthening [89-91]. That mechanism
is deformation-induced twinning, which starts to appear sporadically in some grains after reaching the
critical stress for twinning normally in FCC alloys such as CoCrFeMnNi HEA [9]. With increasing strain,
the thickness and volume fraction of twins increase. It has been suggested that mechanical twins
contribute to strengthening by dividing the grains into progressively smaller grains which is called
dynamic Hall-Petch effect [92,93]. This deformation induced twinning provides a source of high,
sustained work hardening that postpones the onset of necking instability to higher strains [52]. As a
result, the effect is able to increase both strength and ductility simultaneously. Since the strengthening
effect of twins is due to the blockage of twin boundaries to dislocation motion, it is easy to imagine that
the twin boundary strengthening in the first place depends on the twin spacing. Thus, the strengthening

effect from twins can be described as follows [88,94,95],
Otp = ﬁktbA;1/2 (2.19)

where £ is the volume fraction of the grains that contain twins, 4 is the twin boundaries coefficient and

At is the average twin thickness.

Su et al. evaluated the strengthening from twin boundaries contribution in FesoMn3oCo10Cr10Co.s
carbon alloyed MEA after cold deformation and heat treatment, as shown in Figure 2.8 [94], which

indicates that one third of yield strength is contributed by twin boundaries in 400 °C for 10 min sample.
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Figure 2.8 ECC images showing nano-twins in specimens annealed at (a) 650 °C for 3 min, (b) 650 °C for 10 min and (c)
750 °C for 3 min. (d) Relations of the increase of the yield strength with grain size and twin spacing of the annealed specimens
and (e) increase of the yield strength due to nanograins, SRX, twins and dislocations of the specimens subjected to tempering
and annealing [94].

One factor that can affect twinning ability is SFE [96]. Experimentally measured SFE of ternary
equiatomic alloy CrCoNi is ~22 = 4 mJ m ~2, while SFE of CoCrFeMnNi HEA is ~30 + 5 mJ m ~2at RT
[53,97]. As a result of this, the CrCoNi alloy exhibits better strength and ductility. The temperature, as
well, has an effect on both, critical stress for twinning and SFE [8,98]. Twinning can be expected in
CoCrFeMnNi HEA at RT if higher strain is applied, such as cold rolling [99]. The axial stress at which
twins appear at 77 K is ~720 MPa, however, such high flow stress cannot be achieved at RT [8]. One
more factor that is known to affect twinning is grain size: deformation twinning is reduced as the grain

size is decreased [100].

2.3 Severe plastic deformation on HEAs

SPD is effective in producing bulk UFG and nanostructured materials with large densities of lattice
defects [101]. The SPD technology is presently the most effective procedure to produce nanomaterials
and it includes different processing techniques and their modifications, HPT, ECAP, ARB, twist extrusion
(TE), multi-directional forging (MDF) and so on [101-103]. Nowadays, with the development and
attraction on HEAs, SPD technologies are widely applied to new type of alloys to improve their physical

and mechanical properties.
2.3.1 SPD methods

Percy W. Bridgman won the Nobel Prize in physics in 1946 and he is considered as the first scientist

who developed the technique allowing to apply simultaneously high pressure and large strain to metals
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[104]. Based on this technique, a SPD method, which is now known as high-pressure torsion was
developed [15]. During HPT process, the materials are torsionally strained under high pressure between
two anvils, as shown in the schematic in Figure 2.9. The sample, in the form of a disk, is located between
two anvils where it is subjected to a compressive pressure at RT or at an elevated/cryogenic temperature
and simultaneously to a torsional strain which is imposed through a rotation of the lower anvil. Surface
frictional forces therefore deform the disk by shear so that deformation proceeds under a quasi-

hydrostatic pressure [105].

Lower Plunger

C:) Torsion

Figure 2.9 Schematic illustration of HPT processing[106].

The shear strain at HPT can be calculated as follows [105],

__ 2mNr

y == (2.15)

where Nis the number of revolutions, ris the radius from disk center and h is the thickness of the disk.

Then, it is also possible to convert the shear strain to equivalent von Mises strain given by

&= y/\/§ (2.16)

The HPT method is undoubtedly the most efficient SPD method for fundamental studies because of
two main reasons. One is that the processing parameters such as strain, strain rate, pressure and
temperature can be easily controlled. On the other hand, the pressure applied during HPT is quite high
enough and offers a unique opportunity to handle almost all types of materials including hard and brittle
ones such as silicon or diamond [107]. Hebesberger et al. investigated the deformed microstructure in
pure copper by HPT [108]. A sequence of Backscattered electrons (BSE) images of microstructures is
presented with increasing shear strains from 1.7 up to 880 in Figure 2.10 (axial direction), which

indicated the strain effect on the grain refinement. This is a proper example to exhibit the advantage of
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HPT that can be controlled well combined with microstructure evolution. Despite HPT has such
advantages for fundamental studies, the size of samples severely deformed with HPT are much smaller

than those deformed with other methods.

Figure 2.10 BSE micrographs in axial direction (deformed at 2 GPa, RT), magnification is the same in all micrographs [108].

The method of ECAP realizing deformation of massive billets via pure shear was developed by Segal
and co-workers in the beginning of 80s last century [102]. The schematic illustration of ECAP method is
shown in Figure 2.11[109]. Its goal was to introduce intense plastic strain into materials without
changing the cross-section area of billets. As a result of this, multiple passes of the deformation are

required for accumulating strains and obtaining the UFG structure.

19



y Plunger

Sample

Y=1

Figure 2.11 Schematic illustration of ECAP die including inner angle @ and outer angle ¥[109].

The shear strain value increment for each pass through the channel is given by [102,110],

2 cot(@)ﬂ/)cosec(g)

€N=N \/§

(2.17)

where NVis the number of passes, ¢ is the inner angle, 1 is the outer angle.

It looks like that accumulation of strain is unlimited if the number of passes is adequate. However,
a deformation in ECAP process is not uniform. Because of a complex deformation mode operative in the
ECAP process, there exists a gradient from the top to the bottom part of the ECAP deformed billet by
simple shear in a narrow zone along the die intersection plane [111]. Therefore, the strain at one ECAP
path is generally not high enough to completely overprint the microstructure existing at the beginning
of each pass. After multi-pass ECAP processing leading to a certain strain, a steady state microstructure

develops.

The ARB process was developed by Saito et al. in the late of 90s last century [17]. The schematic
representation of ARB process is presented in Figure 2.12. First of all, a strip of a metal is neatly placed
on top of another strip. The interfaces of the two strips are surface treated in advance in order to enhance
bonding strength. The two layers of material are joined together by rolling, as in a conventional roll-
bonding process. Then, the length of rolled material is sectioned into two halves. The sectioned strips
are again surface-treated, stacked and roll-bonded. The whole process is repeated again and again.
Consequently, arbitrarily large deformation is possible by the ARB process. The von Mises equivalent

strain after Vcycles of ARB process is given by
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ey = —%m (1-7) (2.18)

where ris the reduction in thickness per cycle. For example, if the process is repeated seven times, the
initial thickness is reduced to 1/128. The 1.0 mm thickness reduces to 7.8 um. The achieved total
reduction is 99.2 % and the total equivalent plastic strain is 5.6. It is easy to introduce ultra-high strain
into materials by the ARB process. Hence, ARB is basically applicable to all kinds of metals and alloys

deformable in rolling, and UFG structures are achievable in such bulky metals and alloys.
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Figure 2.12 Schematic illustration of the accumulative roll-bonding (ARB) process [17].

Due to the limitation of sample size of HPT, a new scaling up the HPT process, so-called High
Pressure Torsion Extrusion (HPTE) has been presented by Ivanisenko et al. [112]. Comparing to the SPD
methods above, it allows to implement simple shear conditions and high hydrostatic pressure in a rod
shape specimen, and to accumulate a large strain in only one single pass. The schematic illustration of
HPTE is shown in Figure 2.13. The strain accumulated in a specimen after one pass can be controlled

according to the equation,

_ Dy Dy , @R Dy
&= 2ln Do + 2ln >, + 759 D, (2.19)

where the Dy and D» are the inlet and outlet diameter of the container channels, D is the diameter of

extrusion container channels, v is the translational velocity and w is velocity of rotational motions.
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Figure 2.13 Schematic diagram of the HPTE process [112].
Because of the limitation of the section, I would not introduce all the SPD methods. It is expected
that the gradient structured materials produced by various SPD methods in the future will be employed

for an extended range of functional applications.
2.3.2 Microstructure refinement mechanism at SPD

It is known that the two major deformation mechanisms in coarse grain materials at low
homological temperatures and moderate strain rates are dislocation slip and deformation twinning.
Dislocations can nucleate and slip under stress to accommodate the applied plastic deformation. A single
dislocation line can glide on a densely packed atomic plane called slip plane along any direction but the
resulting crystallographic slip is along a particular direction called slip direction. Depending on
orientation relationships between dislocation lines and their Burgers vectors, edge dislocations, screw
dislocations and mixed dislocations are classified. Slip system is a combination of a slip plane and a slip
direction. Slip systems depend on the crystal structure of the material in a way that the atomic distortion
that accompanies the motion of a dislocation is kept to a minimum. Therefore, the slip plane is normally
the most densely packed plane and the slip direction is the most closely packed direction. Table 2.1

indicates the slip systems in FCC and BCC structures [113].

Table 2.1 Common slip systems in FCC and BCC structures [113].
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Crystal structure Slip system

{111}<110>
FCC {001}<110>
{110}<110>

{110}<111>
BCC {211}<111>
{321}<111>

Principally, the most commonly accepted models of grain refinement due to large strain induced by
SPD are based on the notion that a dislocation cell structure, which forms already in the early stages of
plastic deformation, gradually transforms to the final fine grain structure [114]. Kocks and Mecking
described the deformation behavior of metals and alloys in terms of a single internal variable of the total
dislocation density [115]. Prinz, Argon and Nix adopted the approach proposed by Mughrabi, that the
cell walls and cell interiors are treated as two distinct phases of a ‘composite’ [116-119]. Estrin et al.
and Zehetbauer et al. proposed constitutive models based on Mughrabi’s composite principle and
detailing the evolution of the dislocation densities in the cell walls and cell interiors, including
interactions between the two “phases” of the composite [120-122], which is a useful platform for

modelling SPD processes.

Upon the dislocation theory above, the grain refinement induced by SPD of FCC materials can be
categorized into 5 stages according to the dominant microstructural features at each stage. At the stage
I, the individual grain are subdivided fast to some volume elements delineated by dense dislocation walls
[123]. These dense dislocation walls, are also called geometrically necessary boundaries (GNBs) which
misorientation is controlled by the difference in dislocation slip induced by lattice rotation in neighboring
volumes [124]. Each volume in the grain is determined as a cell block [125]. The active slip systems in
these cell blocks are different from each other and can operate collectively to fulfil the von Mises criterion
for strain accommodation [126]. Dislocations from neighboring cell blocks meet at a GNB, leading to
dislocation interactions, entanglement and rearrangement [127,128]. As dislocations from neighboring
cell blocks are from different slip systems, the cell blocks will rotate in different ways, leading to
increasing misorientation across the GNB. Meanwhile, a large number of dislocation cells formed at the
interior of each cell block [126]. A cell wall may look similar to a dense dislocation wall, but it is formed
primarily by the mutual and statistical trapping of incidental glide dislocations, and thereby named as
incidental dislocation boundary [129,130].The formation mechanism of these cell walls can be explained
in a way that dislocations are trapped into positions of local energy minima in which stress-screening
between dislocations occurs [131,132]. At the start of the stage II, numerous dislocations accumulate at

cell walls and dense dislocation walls which results in higher misorientation across these cell walls.
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Consequently, cell walls may transform into dense dislocation walls and some early formed dense

dislocation walls may split into new dense dislocation walls parallel. As a result, large amounts of cell
blocks and micro bands with reduced sizes are formed. In addition, dense dislocation walls have a
tendency to align with the macroscopically most stressed planes to delineate comparatively long and
regularly spaced slip bands [133,134]. At stage III, large amounts of lamellar sub-grains enclosed by
lamellar boundaries form, as a result of continuous reduction of cell block sizes and significant increase
of misorientation angles across dense dislocation walls. Within these lamellar sub-grains are
interconnecting boundaries, dislocation clusters and individual dislocations. With the further strain
increasing, the stage IV develops, when the lamellar boundaries and interconnecting boundaries
gradually sharpen and become thinner, and the misorientation across the boundary increases [135,136].
Finally, the grain refinement reaches a steady state at the stage V, which usually presents equiaxed
grains. However, the microstructure observed at stage V may differ in different materials and conditions
of SPD methods. Figure 2.14 presents schematic diagrams summarizing the SPD-induced microstructural
evolution [126]. The grain subdivision mechanisms and corresponding development of dislocation
structures govern the microstructural evolution of the materials under SPD processing, and five grain
refinement stages are involved in the process. To summarize the whole procedure of the grain
refinement, it then can be simplified as follows, I: formation of large size dislocation cell blocks
containing dislocations and dislocation cell structures; II: formation of microbands and transformation
of some early dislocation cells into cell blocks; III: formation of lamellar sub-grains containing large
quantities of dislocations; IV: formation of well-developed lamellar sub-grains and some equiaxed sub-

grains; V: homogeneous distribution of equiaxed ultrafine grains or nano-grains.
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Figure 2.14 Schematic illustration of the five grain refinement stages, formed sequentially throughout the microstructural
evolution during SPD [126].

However, this dislocation slip controlled mechanism works in materials which have high SFE and
medium values of SFE. In contrast to such metals, grain refinement in materials with low SFE is primarily
achieved through twin fragmentations since their deformation involves not only dislocation glide but
also deformation twinning [137-139]. With the SFE decrease in the materials such as CuAl binary alloys
[138], the competition between dislocation glide and deformation twinning becomes more pronounced
during SPD. According to dislocation theory, twinning stress remarkably decreases with a reduction of
SFE, while slip stress is relatively insensitive to SFE [113]. When the SFE is below a critical value, the

deformation mechanism is primarily governed by twinning activities at RT and at a low strain rate.

In addition, experimental conditions can affect the microstructural evolution and the final mean
grain size as well. Generally, the mutual influences of strain rate and temperature on deformation

behavior can be expressed through a single parameter Z (Zener-Hollomon parameter) [140] as
InZ = Iné + = (2.20)
RT

where ¢ is the strain rate, Q is the activation energy for diffusion, R is the gas constant, and 7is the
deformation temperature. Tao et al. [141] found that as Z increases, the grain size decreases and the
tendency for twinning increases in pure Cu and a large fraction of deformation twins reduces the overall
GB energy, which suggests that high strain rates and cryotemperatures provoke twinning and grain

refinements.
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According to studies with ECAP method from An et al.,, the grain refinement evolution in

low/medium SFE Cu-Al binary alloy (i.e. 7 mJ m~2 for Cu-4.5 wt. % Al and 37 mJ m~2 for Cu-2 wt. %

Al) is as follows [142]. At the first stage I, dislocation slip played a decisive role in shaping the
microstructures finally characterized by ultrafine grains. The main grain refinement mechanism in
materials with high SFE such as Al and Ni (SFE values of 166 and 128 mJ m™2, respectively) is
predominantly controlled by extensive dislocation activities [143-145] and is nearly independent on
external loading conditions (InZ) with values from 20 to 70 endowed by most SPD processing [146—
148]. At stage II, the competition between dislocation slips and deformation twinning leads to a mixed
microstructure of nanoscale twins, nanosized grains, and ultrafine grains. The volume fraction of twins
and nanograins significantly increased with a decreasing SFE or enhanced In Z. At stage III where the
value of In Z was beyond a critical value that decreased with lowering SFE and the effect of In Z was
dysfunctional because of the low level of SFE, although dislocation activities were still observed,
deformation twinning primarily engraved the post deformation microstructures, labeling nanoscale

twins and nanograins as typical microstructural features.

Wang et al. also investigated a low SFE alloy, Cu-30 wt. % Zn, processed with HPT to observe
different deformation stages from UFG to nano-grain sizes and concluded the grain refinement process
by five steps [126,149]. At step 1, equiaxed ultrafine grains are divided into twin lamellae. At step 2,
continuous accumulation of dislocations at the twin boundaries gradually bends the originally atomically
flat coherent twin boundaries and transforms the twin boundaries into semi-coherent twin boundaries.
At step 3, under further straining the semi- coherent twin boundaries completely lose the coherency and
transform into high angle grain boundaries. At step 4, secondary stacking faults and twins subdivide the
lamellar grains into rhombic domains. At step 5, the secondary twin boundaries transform into
incoherent high angle grain boundaries as noted earlier for the primary twin boundaries, and equiaxed

nanograins are formed. The mechanism is illustrated schematically in Figure 2.15.

//

Step 3

<=/

Figure 2.15 Schematic illustration of the grain refinement mechanism for the Cu-30 wt. % Zn alloy processed by HPT [149].
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In this section, extensive dislocation activities-controlled grain refinement mechanism in high SFE

materials and twinning fragment interaction-controlled grain refinement mechanism in low SFE
materials is presented, respectively. This deformation and microstructure maps not only provide us with
an excellent opportunity to profoundly comprehend deformation behavior and the nature of grain
refinement during SPD but also present promising strategies to finely tune microstructures to achieve

superior properties for technological applications.
2.3.3 Influence of various factors on grain refinement by SPD

Although SPD methods are extremely effective to refine grains by applying large strains, there are
some limitations existing in the SPD processing which can affect the saturation grain size, such as

temperature, pressure, alloying elements and so on.

Pressure is one parameter which can be easily controlled with using HPT. The HPT experiments
under different pressure were performed with Armco iron and copper by Wetscher et al. [150]. The
microstructure evolution of during deformation under different hydrostatic pressures (1.9, 3.7 and 5.7
GPa) was analyzed. They found that the grain size is somewhat smaller at higher pressures, however,
the effect is, even if, very small. Additionally, only a very small influence of the hydrostatic pressure on
the resulting microstructure and the tensile strength on Armco iron and copper samples deformed by
HPT could be observed. Zhilyaev et al. described the influence of the applied pressure from 1 to 9 GPa
on the microstructure of Ni [151]. With higher pressure applied, the microstructures are more similar
both at the periphery and in the center of the disk which indicates that a saturation was reached earlier.

Hence, the accumulated strain could be the core factor which lead to the microstructure evolution.

Deformation temperature can affect the atomic diffusion and the microstructure evolution and
subsequently the average grain size [148,152,153]. Rathmyar et al. investigated the influence of
deformation temperature on pure Ni (99.99) and Ni (99.79) with added impurity elements (C, Cu, Fe,
Mn and Si) [154]. Ni99.79 deformed at liquid nitrogen temperature (LNT) achieved the finest
microstructure with an average grain size of about 50 nm while around 200 nm at 400 °C, shown in
Figure 2.16. The largest grains were observed in the Ni99.99 deformed at 400 °C with an average grain
size about 1.4 um whereas the mean grain size is ~200 nm deformed at -196 °C, much smaller than 400
°C sample. Wang et al. studied the effect of deformation temperature on the microstructure developed
in high-purity aluminum processed by ECAP at different temperatures [155]. The results indicated that
the grain sizes are 0.55, 0.59, 0.9 and 2.2 um increasing with the deformation temperature increasing
from 298 K to 523 K. Similar results were also found in pure Fe, a high alloyed ferritic steel and an
austenitic steel [156]. However, dynamic recovery, dynamic recrystallization and GB migration are

thermally activated at evaluated temperature which can lead to grain growth [157-160]. One should be
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aware that low temperature SPD can significantly increase the stored energy in materials. The high

stored energy in the form of lattice defects decreases the activation energy and increases the rate of
recrystallization [161]. In addition, one other factor that affects the minimum grain size at SPD can be
established from the analysis of Figure 2.16, namely, the influence of the impurities or alloying
comparing of pure Ni99.99 and solutes atoms added Ni99.79. Ni99.99 had larger grain size than Ni99.79
after processing by HPT both at -196 °C and at 400 °. In Table 2.2, the most important parameters
influencing the minimum size of the crystallites under certain SPD conditions and the necessary strain

to reach the saturation point have been evaluated by Pippan et al. [156].
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Figure 2.16 BSE images of saturation microstructure of Ni99.99 and Ni99.79 at -196 and OO °C [154]

Table 2.2 Effect of different parameters on the onset strain of saturation and the size of the structural elements, grain size, in
the saturation region [156].

Grain size at onset strain of
saturation saturation

temperature very high very high

strain rate medium medium

strain path high medium

pressure low-medium low

alloying very high medium
precipitations high ?

crystal structure low medium
stacking fault energy medium ?
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2.4 Nanocrystalline HEAs

Cantor type FCC HEAs have attracted increased attention in the past decade largely because of its
excellent mechanical properties, especially at cryogenic temperature [7-9,59,162-167]. Commonly, the
FCC structured Cantor alloy system shows much higher ductility but lower strength. Therefore, a number
of investigations of FCC HEAs processed by SPD methods were performed to obtain high strength and
reasonable ductility with subsequent annealing procedure [168-176]. For instance, the yield strength
value of nano-grained CoCrFeMnNi alloy can reach 1.0 GPa and 1.75 GPa directly after ECAP and HPT,
respectively [171,173,174]. Han et al. produced nanocrystalline CoCrFeMnNi alloy by means of ARB
and subsequent annealing treatment at 800 °C [167]. The resulting samples demonstrated a superior
combination of RT strength and ductility with a yield strength of 700 MPa and a 54 % uniform
elongation. However, various precipitates were formed in the nano crystalline CoCrFeMnNi alloy
processed by HPT during the annealing in temperature range from 450 to 750 °C [174], which led to a
brittle fracture in tensile test. Deformation mechanisms and microstructure stability issues of

nanocrystalline metallic materials will be presented in the next subsection.
2.4.1 Deformation behavior in nanocrystalline state

Mechanical behavior of nanocrystalline materials has been studied for decades. Generally, the
contributions of nanocrystalline structure to the strength can be obtained/estimated from Eq. (2.4).
However, very strong grain refinement may lead to lower yield stress as shown in Figure 1.2 in Chapter
1. The inverse Hall-Petch behavior was first reported by Chokshi et al. by performing measurements on
nanocrystalline Cu and Pd samples made by IGC, when both metals exhibited a negative slope of the
“Yield Strength vs. d*?” plot [177], which was subsequently observed in other materials by other
researchers [178-181]. The Hall-Petch trends for a range of grain sizes from the micro to the nano scale
are plotted in Figure 2.17 for Cu, Fe, Ni and Ti [182]. Note that the data points in the conventional
polycrystalline range for the majority of such plots overlap while they are more spread out in the
nanocrystalline range. The Hall-Petch plot for the nanocrystalline range clearly shows a deviation from
the regular trend in the microcrystalline range. There is a significant decrease in the slope for small grain
sizes. However, there is no agreement about the nature of such behavior at grain sizes below ~10-15
nm. Though researchers have debated the existence of the negative Hall Petch effect, there is insufficient
information to validate the existence of this effect. The most probable behavior is that the yield strength
plateaus below a critical grain size. Although the strengthening and deformation mechanism in
conventional coarse/fine/UF grained materials are well understood, there is still some widespread
disagreement in nanostructured materials since inverse Hall-Petch phenomenon was proposed by

Chokshi et al. [177].
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Figure 2.17 Plots showing the trend of yield stress with grain size for different metals as compared to the conventional Hall-
Petch response: (a) copper, (b) iron, (c) nickel and (d) titanium [182].

In order to explain the deviation from the Hall-Petch relationship in nanocrystalline materials, a
concept of the dislocation pile-up breakdown was generally accepted. As the grain size is decreased, the
number of dislocations piled up against a grain boundary also decreases, at a fixed stress level, since this
number is a function of the applied stress and of the distance to the source. Conversely, an increased
stress level is needed to generate the same number of dislocations in the pile-up with decreasing of the
distance to the source. At a critical grain size, the concept of a pile-up cannot be used any more to explain
the plastic flow [182]. As the grain size is reduced to the nanocrystalline regime, the number of
dislocations in the pile-up is eventually reduced to one. Thus, the multiplying effect on the stress field is
lost [183,184]. Wadsworth, Nieh [185] and Pande [184] predicted the model to explain at which grain

size the Hall-Petch relationship would break down by assuming the critical condition.

Grain-boundary sliding is another important deformation mechanism [186], which is in principle
to explain the phenomenon of super plasticity. For nanocrystalline materials, this has been proposed to
be the dominant deformation mechanism at grain sizes <50 nm. Hahn et al. proposed two hardness

relationships as follows [187],
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m=m+% (2.21)
m 1
HV = HVO - T(d - mz)z (2.22)

where mn, mp, and k are material parameters, d is the mean grain size. Eq. (2.21) is used in the
dislocation dominated regime while Eq. (2.22) is valid in the grain boundary sliding regime. Raj and
Ashby [42] proposed that plastic deformation between neighboring grains occurs by diffusion alone
[186]. Taking the grain boundary diffusion and bulk diffusion into account, one can get the grain

boundary sliding rate as,

. _280Dg 1

wx =g taGa) (2.23)
where § is the thickness of the grain boundary, Q is the atomic volume, and 4 is the amplitude of the
wave, T, is the shear stress and Dk the boundary diffusion coefficient. If it was assumed that the grain
boundary generates identical sliding rate and /4 is taken as d/4, one can get the strain-rate after

simplification,
7= ()% (2.24)

where 7. is an effective viscosity. This is the equation for Newtonian viscous flow. Along with the
decrease of A, the strain-rate will increase, suggesting that shear localization tends to occur in the
nanomaterials. Attributed to this theory, it is concluded that grain-boundary sliding can contribute to

the plastic deformation at grain sizes less than 10 nm [181,188,189].

Ma and co-workers proposed that nano grains can rotate during plastic deformation and coalesce
along directions of shear, creating larger paths for dislocation movement [190-192]. The planes with
highest Schmid factor were represented by the short dark lines inside the grains in Figure 2.18 (a). The
applied shear stress could make the neighboring nano grains to rotate from the closer to the same
orientation as shown in Figure 2.18 (b). The elimination of grain boundaries as represented by Figure
2.18 (c) could provide the larger free path for dislocation motion. However, this mechanism leads to the
strain softening and localization as observed in the nanocrystalline materials. It was suggested as an

alternative deformation mechanism to grain boundary sliding [193].

There are also other mechanisms which are regarded to operate in nanocrystalline materials such
as shear-band formation [194], twinning [190,195] and grain boundary dislocation nucleation and

annihilation [196,197], but they are not presented in this section.
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(a) (b)

(c)
Figure 2.18 Model of (a) the rotation of nano grains, (b) annihilation of grain boundary, and (c) coalescence of nano grains
[182].

2.4.2 Thermal stability of nanocrystalline HEAs

CoCrFeMnNi HEA was one of the first equiatomic HEAs reported to crystallize as a single phase FCC
solid solution, however, it was later discovered that it decomposes into metallic (Cr-rich BCC) and
intermetallic (L1o-NiMn and B2- CoFe) phases after a 500-day anneal at 500 and 700 °C [198]. The
decomposition and phase transformations can occur very quickly reported by Schuh et al. when the alloy
is in the nanocrystalline state [174]. The results point out that after 5 min anneal at 450 °C, particles of
NiMn and Cr rich precipitated in the nanograined matrix and a CoFe phase formed after 15 h. The
chronological sequence of the precipitation of these phases can be rationalized by considering their
relative diffusivities. Tsai et al. presented the interdiffusion coefficient in CoCrFeMnNi system HEAs and
showed that the sequence of elements in the order of decreasing diffusion rate is: Mn, Cr, Fe, Co and Ni
[34]. The element that diffuses fastest at a fixed temperature is Mn, which is consistent with the
formation of the MnNi phase first. The second phase to form has a very high Cr concentration, which
has the next highest diffusion coefficient. Only after longer annealing times the CoFe phase forms, which
consists of elements that have the next highest diffusion coefficients after Mn and Cr [174]. Additionally,
the intrinsic nature of nanocrystalline grains also contributes to the kinetics of phase formation. This fast
formation of new phases can be attributed to the role of grain boundaries in diffusion controlled
precipitation and phase formation processes in nanocrystalline alloys [199,200]. The abundant grain
boundaries in the nanocrystalline HPT-processed CoCrFeMnNi alloy offered many fast diffusion

pathways and nucleation sites to facilitate the phase decomposition. Mantha et al. utilized in-situ
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transmission electron microscope heating to elucidate the sequence of phase decomposition of

nanocrystalline Co26CuioFe2yMnioNiz; HEA processed by HPT [201]. The alloy was heated from 100 to
420 °C within 7 h which showed that the diffusion of elements starts at 250 °C, initially with Ni, Cu and
Co segregating to the grain boundaries and Fe and Mn are depleted from the grain boundaries.
Subsequently, B2 precipitates were observed to form at triple junctions at 340 °C and their size continued
to increase till 400 °C, whereas Ni, Cu and Mn were still segregated at the grain boundaries. Li et al.
investigated a segregation behavior in a fully recrystallized CoCrFeMnNi HEA aged at 450 °C for 6, 18
and 48 h [202]. A following sequence for phase decomposition at grain boundaries was supposed: (i) Ni
and Mn co-segregate to the grain boundaries; (ii) at other grain boundaries regions which are devoid of
Ni and Mn segregations, Cr is the first of these elements that starts segregating to the grain boundaries;
(iii) with further uphill diffusion inside the grain boundaries plane during aging, the Gibbsian
enrichment in solutes, mainly Ni and Mn, shifts the local thermodynamic state of the grain boundaries
into a Spinodal regime of the reference phase diagram which leads to a Spinodal decomposition at 450
°C; (iv) these local Spinodal enrichments forming at the grain boundary planes act as compositional
precursor states to the more stable equilibrium phases, one being the NiMn phase and the other one

possibly being a Cr-rich phase.

According to the above researches, it seems that all the significant segregation processes occur
during 300-700 °C in CoCrFeMnNi type FCC HEA, no matter coarse grained ones or nanocrystalline.
Significant segregations of Co, Ni and Cu to the grain boundaries occurred in a low temperature range
from 250 °C to 300 °C in nanocrystalline FCC structured CoCuFeMnNi alloy [201]. They observed the
formation of NiMn, Cr and CoFe multiple secondary phases of nanocrystalline CoCrFeMnNi after heat
treatments at 450-500 °C. They showed that the Cr rich o phase can have detrimental effect on the

mechanical properties.

The recrystallization phenomenon occurred after anneal at 750 °C was observed previously, which
lead to a single FCC phase was observed in [167,171,173,174]. Normally when recrystallization occurs
during heat treatment of cold deformed alloys, the generation of small grains is observed, which grow
continuously and eventually replace the deformed microstructure. In this process, characterized by
nucleation and nucleus growth, is referred to primary recrystallization. It involves dislocation recovery,
annihilation and sub-grain formation as shown in Figure 2.19. Since the dislocation density in the
material is not recovered homogeneously but discontinuously at moving grain boundaries, it is also
termed as discontinues recrystallization. In contrast, after severe plastic deformation or in case that grain
boundary migration is strongly impeded, for instance by dispersion of a second phase, strong recovery
can occur. Due to the high volume fraction of grain boundaries, however, the nanocrystalline materials

are in relatively high energetic states and have a relatively strong tendency to reduce the total grain
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boundary area to diminish the internal energy, which produces high susceptibility to grain coarsening
[203-205]. Grain growth at low temperature, even RT, has been observed in many nanocrystalline
metals that limits engineering applications of this kind of materials Therefore, studying the thermal
stability of nanocrystalline materials has been becoming a highly important topic in the field of nano-

processing and application.

(a)

Dislocation tangles Cell formation Annihilation of
dislocations within cells

Subgrain formation Subgrain growth
Figure 2.19 Various stages in the recovery of a plastically deformed material [206].

2.5 Motivation and objectives

Since the CoCrFeMnNi single FCC phase HEA was discovered, numerous attempts were undertaken
to improve its mechanical properties. For examples, applying following strategies: SPD in combination
with anneal [167,170,173,174,176], interstitial alloying [14,54,56,57,94,207] and precipitation by
minor composition tuning [68,77,79,82,83]. Nevertheless, it seems that all the methods still have

limitations for further improvement of a combination of the strength and ductility.

Carbon, as the most effective and common interstitial atom, not only contributes to the solid
solution strengthening, but also increases the lattice friction stress leading to a disturbance of a local
stress field, finally promoting an increase of strength and maintaining the ductility [13,14]. As interstitial
carbon possesses a much larger mobility compared to substitutional elements, it should preferentially
interact with dislocations or grain boundaries [208]. Thus, carbon can outperform the effect of other
substitutional elements in the process of SPD. For example a saturation grain size of 160 nm was reached

in pure nickel after HPT, whereas the mean grain size in nickel containing1200 ppm carbon was reduced
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to 90 nm at the same deformation conditions [154]. Excessive dose of carbon content will still donate

to the interstitial strengthening effect, however, it will deteriorate ductility significantly due to the
precipitation of carbides at grain boundaries [207]. During SPD, carbides also play an important role in
the process. In pearlitic steel, plates or lamellae of cementite can be severely deformed to very high
degrees of plastic strain and even dissolve, resulting in lamellar structures consisting of a carbon-rich
interlayers allowing the stabilization of lamellae with ~10 nm spacing and the carbon-rich boundaries
[209,210]. As a whole, appropriate carbon content alloying can effectively reduce the grain size after
SPD providing effective obstacles to grain boundary motion and expanding the thermal stability range.

The saturation microstructures of the HEAs after SPD may differ as the carbon content increasing.

One can expect that carbon content in the nano/ultra-fine-grained alloys processed by SPD may
lead to completely different mechanical properties. For example, carbon alloying can significantly reduce
the grain size of the alloy after SPD processing, which will result in the increase of yield strength

according to the Hall-Petch law.

As mentioned above, the CoCrFeMnNi alloy demonstrates a yield strength up to 1.75 GPa after SPD
with a rather low fracture elongation [171,173,174] To balance the strength and ductility of the SPD
processed HEAs, subsequent anneals are usually performed. However, in the nanocrystalline
CoCrFeMnNi alloy, a large number of hard precipitates appeared after annealing in the temperature
range 450-750 °C leading to a brittle fracture in tensile tests [174]. These precipitates are CoFe phase,
Cr rich sigma phase and NiMn phase [174]. Though there are some indications of annealing induced
hardening in the SPD processed alloys, the information about the precipitation and segregation behaviors
of the nanocrystalline HEA is still sporadic [174,201,211-213]. In particular, carbon alloyed
nanocrystalline HEAs haven’t been systemically investigated in respect of their mechanical properties

and thermal stability so far.

Utilizing the Thermo-Calc software, the equilibrium phase diagrams in CoCrFeMnNi-C system were
calculated as shown in Figure 2.20 [99]. One can clearly see that a decrease in the Cr molar fraction
from 1 to 0.25 greatly extended the single FCC phase field towards the higher carbon concentrations, as
Cr is a strong carbide forming element [57]. Given a strong solid solution strengthening effect of carbon,
a reduction in the Cr content with an addition of carbon can be considered as a promising alloying

strategy.
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Figure 2.20 Boundaries of the single FCC phase field in the carbon-doped Co;CrFeiMnNi; alloys (subscripts indicate the
molar concentrations of the respective elements) depending on the Cr and C concentrations [99].

Consequently, in this dissertation, we combined the SPD and carbon interstitial alloying effect in Cr
reduced CoCrFeMnNi alloy to explore whether we can further improve the mechanical properties.
Simultaneously, the microstructure evolution from coarse grained to nanosized one was investigated
during the shear strain increasing in HEAs with different carbon content. Then, the post deformation
anneal was conducted on nanocrystalline HEAs to seek an optimal combination of strength and ductility

and the thermal stability was studied during annealing processing as well.
Therefore, the detailed objectives of present dissertation are as follow,

To study the influence of carbon alloying on the deformation mechanisms and microstructure
formation during severe plastic deformation by high pressure torsion at different stages of plastic
deformation in HEAs using CoCro.2sFeMnNiCx as a model system. For that purpose, the resulting
microstructure formation, evolution and thermal stability will be systematically investigated as a

function of processing conditions (HPT) with a number of different methods (XRD, TEM, APT, SEM).

It is anticipated that the results of this dissertation will precisely reveal the influence of alloying on
the microstructure evolution during deformation by HPT and subsequent annealing. In particular, it is
anticipated that under these conditions of strain and temperature deformation twinning will be
suppressed, which would result in a pronounced effect on mechanisms and kinetics of the
microstructural evolution and respective mechanical behavior. In addition, different grain sizes will be

produced in severely deformed samples by annealing at various temperatures.

Subsequently, the experimental data base for the mechanical behavior of ultrafine-grained
CoCro.2sFeMnNiCy alloys should be established for a set of different microstructures (grain size, volume

fraction of twins, precipitates like carbides and intermetallic particles) with a number of different
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methods using special mechanical testing equipment. Additionally, studying the thermal stability of the
ultrafine grained structures in the alloys at elevated temperatures is essential during the annealing
processes. The behaviors of elements segregation, new phase precipitation, phase decomposition and

grain growth will be investigated systematically.

Finally, the alloy compositions will be identified, which, after SPD and subsequent thermal

treatment, will result not only in superior strength, but also reasonably high ductility.
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3 Experimental

3.1 Experimental material

3.1.1 Materials synthesis

The HEA composition was designed based on CoCrFeMnNi Cantor alloy but with reduced Cr
content, as discussed in the previous section, as Co1Cro2sFeiMni1Nii, where the subscripts indicate the
molar fraction of the respective components [12]. The ingots were produced from mixtures of pure (>
99.9%) constitutive elements by vacuum induction melting with different carbon content (0, 0.5, 1.0,
and 2.0 at. %, nominally) addition. Each ingot had a slab shape around 60x40x17 mm? weighting ~400
g. Cylinders with the diameter of 15 mm were machined from the produced ingots. Subsequently the
cylinders were cut to disks with a thickness of 0.7-0.8 mm for further HPT process. The results of
chemical composition measured by energy dispersive X-ray spectroscopy (EDX) for metallic elements
and hot gas carrier method for carbon content are shown in Table 3.1. Despite the metallic elements

constitutes reveal some fluctuation, the concentrations, including carbon, are close to the nominal ones.

Table 3.1 Chemical composition of the as-cast alloys (at. %).

Nominal C Cr Co Fe Ni Mn
C
content
0 0.038+0.09 6.23+0.05 23.41+0.18 23.81+0.05 22.72+0.21 23.82+0.22

0.5 0.521+0.045 6.30+0.08 23.33+0.19 23.33+0.28 22.93+0.12 23.62*+0.32
2 2.136+0.182 6.46*+0.08 23.01+0.25 22.32+0.21 21.24+0.47 24.77+0.45

3.1.2 HPT process

HPT experiments were performed using the machine manufactured by W. Klement GmbH with
capacity of 250 tons with a test temperature range from 77 K to 673 K, shown in Figure 3.1 (a). Pressure
and torsion are recorded by electronic sensors, which assure a stable progress. Each disk was grinded
with a SiC paper (P240) before HPT experiment to remove surface oxidation due to cutting procedure.
HPT was performed at RT under a hydrostatic pressure of 6.5 GPa for 0.5, 1 and 3 turns with the rotation
speed of 0.5 rpm. The samples before and after HPT are demonstrated in Figure 3.1 (b). The specimens
under the study were identified as CxNy, where x means the nominal C content for each alloy and y
denotes the number of revolutions during HPT. The von Mises equivalent strains at HPT can be

calculated by Eq. 2.15 and Eq. 2.16.

To study the carbon diffusion during HPT at cryogenic temperature, CoCrFeMnNiC, alloy had been
processed at 77K for three HPT turns at 6.5 GPa to compare with the sample having the same

composition and processed for at the same HPT conditions at RT.
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Figure 3.1 (a) HPT machine and (b) samples demo before and after HPT (black grids indicate 5x5 mm?).

3.1.3 Post deformation anneal

In last a few years, some groups have studied the thermal stability of CoCrFeMnNi in coarse grain
state [198,202], and in nanocrystalline state as well [171,172]. Therefore, in this dissertation, we
focused on the thermal stability of nanocrystalline carbon added alloy, C2N3 sample. Differential
scanning calorimetry (DSC) is a thermodynamical tool for direct assessment of the heat energy uptake,
which occurs in a sample within a regulated increase or decrease in temperature [214]. The calorimetry
is particularly applied to monitor the phase transitions. Therefore, the DSC measurements are very useful
to determine the temperature of annealing procedures. There are of two types of differentials a heat flux
illustrated in Figure 3.2 [215]. For power compensation DSC, the signal is related to the differential heat
provided to keep the sample and the reference to the same temperature. For heat flux DSC, the signal
derives directly from the difference of temperature between the sample and the reference and in that

sense a heat flux DSC is similar to a differential thermal analysis.
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Figure 3.2 Schematic cross-section of two types of differentials a heat flux DSC. (a) heat flux DSC, (b) power compensation
DSC [215].

3.2 Characterizations

As the microstructure observations involve the phases identification and distribution, determination
of defects density, microstructure morphology and elemental distribution, multiple characterization
techniques were used in this dissertation, such as XRD, Scanning Electron Microscopy (SEM), TEM and

APT.
3.2.1 Sample preparations

For all characterizations, the samples were firstly prepared by manual grinding with SiC paper
(P240-P2400) and afterwards polished with diamond or alumina suspension (6-0.5 um). For SEM and
XRD measurements, the following electrolytic polishing was performed to completely remove strained
layer induced by mechanical polishing. The electrolyte is a 10 % solution of perchloric acid (HCIO4) in
ethanol (C2HsOH), and the polishing process was conducted under a direct-current voltage 20 V for 30-
60 s at ~ -5 °C. TEM and APT samples were prepared using Focused Ion Beam (FIB) system, installed
in SEM instrument. The detailed description of sample preparation by FIB will be illustrated in next

sections.
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3.2.2 X-ray diffraction

XRD, as a highly valuable technique, has been wildly used in materials research for determination
of crystalline phases (phase analysis), preferable crystal orientations and determination of some
microstructure features. Interaction of X-rays with crystalline lattice can cause an interference pattern of
the waves present in an incident beam of X rays due to the uniform spacing of atoms in a crystal. A
description of XRD was first proposed by Lawrence Bragg and William Henry Bragg in 1913, which can
by described as Bragg equation [216],

nA = 2dsin@ (3.1

where n is the diffraction order, A is the characteristic wavelength of the incident X-rays, dis the lattice
plane spacing and 6 is the incident angle. A diffraction pattern is obtained by measuring the intensity of
scattered waves as a function of scattering angle. Strong intensities known as Bragg peaks are obtained
in the diffraction pattern at the points where the scattering angles satisfy Bragg condition which highly
match the Eq. (3.1). The obtained XRD patterns contain huge amount of information such as lattice
parameter, phase composition, preferred orientation and so on. Hence, X-ray line profile analysis was

developed to extract this information , i.e. Rietveld refinement [217].

In this work, samples were examined by Philips X'Pert powder diffractometer with a Cu-K, radiation
source (A = 1.5406 10\). The measurements were carried out in a 26 range of 20-100°, with a step size of
0.02° and step time of 20 s at 40 mA and 45 kV. The lattice parameters were evaluated by an X'Pert High
Score software using a Rietveld analysis. The strain and crystallite size were evaluated using a
Convolutional Multiple Whole Profile fitting method (CMWP) [218] and this part of the work was
performed in collaboration with Prof. Ungar (E6tvos Lorand University, Budapest). It should be noted
that dislocation densities are only estimated based on an XRD analysis, which is critical for

nanocrystalline materials.
3.2.3 Scanning Electron Microscopy

The scanning electron microscope is one of the most versatile instruments available for the
examination and analysis of the microstructural characteristics. A major reason for the SEM’s usefulness
is the high resolution which can reach 1-5 nm now for commercial instruments image mode. One
significant point it the capability to determine the crystal structure and grain orientation with equipped
electron backscattering diffraction (EBSD) system. Similarly, SEM equipped with characteristic x-ray
detectors can also be used to obtain compositional information using characteristic x-rays, which is EDX.

Backscattered and secondary electrons are generated within the interaction volume which form images
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in SEM. These signals are capable of collecting the information of composition, shape, texture and

thickness [219].

FIB system is usually installed together with SEM. Gallium ion sources is one of widely used liquid
metal ion sources and plasma beams of noble gas ion such as xenon are also more and more available
recently [220]. FIB is commonly used for materials removal and deposition, such as sample milling for
TEM lamellae and depositing metals as sacrificial layers based on chemical vapor deposition. A schematic

of SEM and FIB system is illustrated in Figure 3.3.
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Figure 3.3 Schematic of the SEM and FIB machines, shown in a two-beam configuration [221].

FIB operando in this dissertation was performed with a FEI Strata 400 S equipped with a (Schottky)
field emission gun as electron source and a Gallium liquid metal ion source. The Gas Injection System
(GIS) contains Pt, W and C. The high voltage used for SEM imaging is 5 kV while 5- 30 kV range for FIB.
An Omniprobe micromanipulator was used for sample lift out and transfer. Zeiss Auriga 60 equipped
with a (Schottky) field emission gun was utilized for microstructure and fracture morphology
observations. The SEM images were acquired with 4QBSD, In-lens SE and SESI detectors under a high
tension from 5 to 20 kV and corresponding elemental analysis was conducted using an EDAX-EDX

detector.
3.2.4 Transmission Electron Microscopy

Max Knoll and Ernst Ruska first invented the electron microscope at Berlin Technische Hochschule
(now Technische Universitidt Berlin) in 1931 meaning a overcome the barrier to the higher resolution
limited by visible light [222]. By the late 1930s electron microscopes with theoretical resolutions of 10
nm were being designed and produced, and by 1944 the resolution was further reduced to 2 nm. Later,
developments in optics improved the resolution of TEM and the first practical STEM was developed in
the late 1960s. At the same time, there were developments in combining analytical techniques like EDX
[223] and electron energy-loss spectroscopy (EELS) [224] with TEM. A significant development in the

history of TEM was the introduction of aberration correctors capable of correcting spherical aberrations
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during late 1990s, which remarkably improved the resolution limits [225]. With the developments in

sample preparation and instrumentation, sub-angstrom resolution is reached with the capability of
atomic scale analytical measurements. With the possibility of atomic resolution imaging and analytical
capabilities, TEM is one of the main structural characterization tools used in wide range of research

areas.

The basic illumination system of a TEM consists of the gun and condenser lenses and their role is
to take the electrons from the source and transfer them to the specimen. The objective lens and the
specimen stage system is the heart of the TEM. The imaging system uses several lenses to magnify the
image produced by the objective lens and to focus these on the viewing screen or computer display via
a detector. The two imaging modes commonly used in a TEM are diffraction mode and imaging mode
and the schematic is shown in Figure 3.4 [226]. In both imaging and diffraction modes, a parallel beam
formed by the condenser system is used to illuminate the region of interest of the specimen. After
interacting with the specimen, the transmitted electrons (scattered and unscattered) are focused by the
objective lens, forming an image at the intermediate image plane and a diffraction pattern at the back-
focal plane (BFP) of the objective lens. Operation in imaging and diffraction mode can be switched by
tuning the strength of the intermediate lens to focus on the intermediate image plane for imaging or the
BFP for diffraction. In imaging mode, BF and DF images can be obtained separately by selecting the
unscattered (direct) beam or a scattered beam for imaging. The BF images originates from two types of
amplitude contrast: mass-thickness contrast and diffraction contrast. As its name implies, mass-thickness
contrast depends on the mass (related to the atomic number Z and density) and thickness of the
specimen, with higher Z and thicker regions scattering more electrons, thus reducing the intensity of the
direct beam and causing these regions to appear darker in the image. Mass—thickness contrast dominates
mainly for non-crystalline materials while diffraction contrast is more important for crystalline
specimens, where the intensity of the BF image highly depends on the orientation of the crystal and the
diffracted beams excited and blocked by an objective aperture. In a DF image, only the regions of crystals
where the chosen diffracted beams are excited will appear bright. The principle of hollow-cone

diffraction and imaging is shown in Figure 3.5 [226].
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Figure 3.4 The two basic operations of the TEM imaging system involve (a) diffraction mode: projecting the DP onto the
viewing screen and (b) image mode: projecting the image onto the screen[226].
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Figure 3.5 (a) Ray diagram showing hollow-cone illumination conditions. The direct beam is always off axis but electrons
diffracted at the cone angle are always scattered on axis. (b) A BF image of a nanocrystalline Al film. (c) A hollow-cone
SAD pattern from the film. Thus, while a single (220) CDF image (d) reveals only a couple of strongly diffracting crystals,
a hollow-cone DF image (e) from all the {220} reflections show diffracted intensity from dozens of grains. The scale bar is
500 nm[226].

HRTEM allows direct imaging of the atomic structure of a sample. It is a powerful tool to study
properties of materials on the atomic scale. In HRTEM mode, the incident beam exiting the specimen
will interfere with the different diffracted beams to form an interference pattern containing structural
information of the specimen. The resolvable details of the image depend on the phase change caused by
the incident wave scattered by the sample, the spherical aberration of the objective lens and the selection
of additional phase difference caused by the defocus. When a uniform incident beam passes through the
specimen, a modulation of the incident wave is caused by the interaction with the potential of the

specimen.

To understand the image forming and the analytical method, it is necessary to consider the
interaction between sample and accelerated electrons. The electron is a low-mass, negatively charged
particle. As such, it can easily be deflected by passing close to other electrons or the positive nucleus of
an atom. The interaction can be roughly classified in to two types: elastic scattering and inelastic
scattering. The electron interaction with an isolated atom is illustrated in Figure 3.6. In inelastic
scattering can occur one of two ways, both of which involve Coulomb forces. As shown in Figure 3.6,
the electron may interact with the electron cloud, resulting in a small angular deviation ().
Alternatively, if an electron penetrates the electron cloud and approaches the nucleus, it will be strongly
attracted and may be scattered through a larger angle (). The second principal form of elastic scattering

occurs when the electron wave interacts with the specimen as a whole, named diffraction which is
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particularly important at low-scattering angles. Characteristic X-rays are generated when an energetic

beam of electrons interacts with the inner shell electrons by inelastic scattering with enough energy to
excite inner shell electrons to outer shell orbitals, leaving inner-shell vacancies. In an isolated atom, the
electron is ejected into the vacuum while in a solid it escapes above the Fermi level into the unfilled
states. The atom is then left in an excited state because it has more energy than it would like, and we
describe it as ionized. Consequently, the ionized atom can return to its lowest energy (ground state) by
filling in the hole with an electron from an outer shell[227]. This transition is accompanied by the
emission of either an X-ray or an Auger electron, while the signal can be collected by detectors to
understand the chemical composition, also known as EDX. Since the total energy is conserved during
the interaction, the energy loss of the incident electron is equal to the energy transferred to the bound
electron. The energy loss of the inelastic scattered electron is characteristic and can be used to identify

the composition, the structure and the atomic bonding of the specimen, called as EELS mentioned above.
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Figure 3.6 Interaction of an isolated atom with electrons including inelastic scattering and elastic scattering.
Additionally, Scanning TEM (STEM) imaging mode becomes more and more popular as it can

conveniently operate combining with elemental analysis. In STEM, a convergent beam with a small probe

size was used to scan the selected area. The resolution is controlled by the size of the scanning probe,
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which is determined by the aberrations of the probe forming system and the convergence angle. In

contrast to conventional BF/DF-TEM images, bright field and dark field images in STEM are collected
by BF detector and annular detectors, respectively. In STEM mode, the annular detector is used to collect
signals at even higher scattering angles (>50 mrads). This kind of DF images acquired by high annular
detectors are usually known as high angle annular dark field (HAADF) images and Annular dark-field
(ADF) imaging. During the electron-matter interaction, high atomic number (Z) elements scatter the
incident electrons to large angles much easier. Therefore, high Z atoms indicate a stronger contrast
comparing with low Z atoms. For instance, Figure 3.7 indicates a 0 phase, Al,Cu precipitate, in the (011)
plane of Al matrix. Cu atoms in the precipitate demonstrate a stronger contrast in comparison with Al
atoms surrounding. In addition to imaging, STEM is also commonly combined with analytical techniques

such as EDS and EELS to provide the corresponding information on the specimen.

2:nm

Figure 3.7 HR-STEM HAADF image of AI2Cu precipitate in Al matrix.

In this thesis, a Themis Z, a Themis 300 and a Tecnai F20 ST were used for TEM characterizations.
The Themis Z was operated at 300 kV with double aberration corrected (TEM and STEM), Super-X EDX
detector, monochromator and Gatan continuum 970 HighRes + K3 IS camera. The Themis 300 was also
used at 300 kV with a probe aberration corrector, Super-X EDX detector and NanoMegas ASTAR system.
The Tecnai F20 ST was performed at 200 kV equipped with NanoMegas ASTAR system. The
experimental data analysis was evaluated with Digital Micrograph, Velox software and Multi-Indexing

ASTAR software.

The samples for TEM should be with extremely less thickness, especially for nanocrystalline alloys.
FIB is the rather convenient method to prepare the thin lamellae. The procedures of the sample
preparation are as follows, shown in Figure 3.8. First, an area of interests is selected in SEM view and
Pt is deposited on the surface as a protective layer with ion beam or electron beam, depending on the
sample properties. Then two trenches are dug using strong ion beam and high acceleration voltage (30
kV) on both sides of the Pt marked position. Later, a relatively thick lamella is cut off and lift out by

Omniprobe and mounted to a finger of a TEM grid. Further milling will be conducted on both sides of
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the lamella to reduce the thickness until it is thin enough. Consequently, low acceleration voltage (5 kV)

is applied for final cleaning to minimize the damage induced by Ga ion.

)

Pt deposition

Trenches

Fiure 3. A TEM sample peprati procedure: from Pt deposition to lift out and finial thin lamella.

3.2.5 Atom Probe Tomography

Atom Probe Tomography is a relatively new technique that has reached a recognized position
among the most important analytical microscopy techniques since the 1990s. Erwin Miiller as a student
was hired by Gustav Hertz at Berlin Technische Hochschule to build a field electron emission microscope
(FEEM) at late of the 1920s. Simultaneously, it is good to know that Max Knoll and Ernst Ruska were
working on the invention of the electron microscope at the same institute at the same time. Miiller
developed the FEEM around 1935 [228] creating a field electron emission source and projecting the
emission pattern of electrons onto a fluorescent screen. Later in 1955, Kanwar Bahadur and Miiller
developed field ion microscope (FIM) that individual atoms became visible [229]. John Panitz developed
imaging atom probe in 1972 which can record the hit positions of a single atom type at a time from any
given voltage pulse by time gating the channel plates [230]. A 3D data by manually examining a series
of 2D maps of a single preselected species as a function of depth can be created. Since 1970s, the atom
probe from a one-dimensional technique has been excellently transformed into the tomography
technique by Groupe de Physique des Materiaux (GPM) in Rouen. An outstanding breakthrough
occurred in 1988 with the design of the first position-sensitive detector for atom probe (POSAP) by the
Oxford group[231]. Later, new detectors have also been developed, and modern atom probes are now
all equipped with so-called delay-line detectors that are able to combine excellent multihit capability

and good time separation limit.

Nowadays, the Local Electrode Atom Probe (LEAP) is the most widely used commercial APT device.
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To understand how an APT works, it is better to start with FIM, which is one of the early steps

leading to the development of APT. The samples need to be sharp enough to generate the required high
electric field. Due to the electric field, ionized rare gas atoms near the surface of a sharp tip are the
vector for the formation of an image of the atomic positions at the specimen surface. The intrinsic
resolution of the field ion microscope is thus theoretically given by the wavelength associated to the
emitted gas ions. Based on a single metal sphere mode, the voltage V at the specimen surface can be

given by [232],

1 0Q

= ATe R G.1)
and electric field F is as follows,

—_r Qe_V

" ameyR2 T R (3.2)

where R is the radius, Qis the charge distributed at the surface. Considering that electric fields required
for both field ionization and field evaporation, are in the range of 10'° V/m, and that voltages in the
kilovolts range are easily achievable, it appears that radii as small as a few tens of nanometers are
required. However, as the sample is a needle instead of a sphere, a correction factor 4r in the electric

field is added,
F=— (3.3)

where 4 is typically in a range of 2-10. An illustration of FIM is presented in Figure 3.9. As shown in the
figure, an image of the sample surface can be obtained on a detector after gas atoms are ionized and

repelled and FIM image is close to the stereographic projection of the sample surface.

MCP + Phosphor screen
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Figure 3.9 Schematic representation of the field ion microscope [233].
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For APT, field evaporation a high electric field at the surface of a material induces desorption and

ionization of atoms even at cryogenic temperatures and consequently, the removal of specimen atoms.
The necessary field is created by applying a modest voltage (5-10 kV) to a very sharp specimen resulting
positive ions accelerating away toward the counter electrode. Then a position-sensitive detector records
the hit position of individual ions, the accumulation of which forms an image of the tip surface and
ultimately enables a direct mapping of the atom’s position on the original curved surface of the specimen
apex. In LEAP, a local-electrode geometry [234,235] allowed to go from a 15 nm field of view to greater
than 150 nm. Furthermore, voltage pulses have been used to generate pulsed field evaporation meaning
that the sample is required for high conductivity. Alternatively, short laser pulses directed at the
specimen apex can be used to induce an evaporation pulse for any material regardless of electrical
conductivity. Base on this, a laser pulses assisted field evaporation can be used to reduce the risk of
rupture of fragile materials [236]. In addition, APT has the advantage that all species of atoms are
detected with uniformly high efficiency by a position-sensitive detection system placed in front of the
specimen. This detector must have high timing measurement abilities. The chemical nature of each
detected atom is defined by time-of-flight mass spectrometry and the original 3D position of each atom
inside the material is calculated from the position information measured by the detection system and

the geometrical properties of APT [237]. Figure 3.10 illustrates the principle of APT.
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Figure 3.10 Principle of the ATP technique. Atoms at the surface of the specimen are evaporated by field effect and fly
towards a detection system [237].

In this dissertation, the APT analysis was used with a LEAP 4000X HR instrument, shown in Figure
3.11. Detailed parameters for the measurements are described in respective chapters. The APT

reconstruction and data evaluation were performed with IVAS 3.6.14 and AP Suite software.
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Figure 3.11 Photograph of a LEAP 4000X HR system,

As mentioned above, the shape of the samples for APT is a needle-like with a tip radius of a few
tens of nanometers. Electrolytic polishing is a fast and efficient method but is not applicable for all
materials. Hence, FIB was utilized for the APT sample preparations. The tip preparation procedure of an
APT/TEM correlative experiment on C2N3 alloy was shown in Figure 3.12 as an example. In the
beginning, similar to TEM lamellae steps, an interesting place should be found, and a thick lamella is
cut off. Later, the lamella is transferred with the help of Omniprobe to a special TEM grid on with the
finger-like tips. This kind of grid can be homemade out of regular TEM grids using electrolytic polishing.
Once the lamella touched the finger, Pt is deposited between the finger and the bottom of the sample,
then the rest of the lamella is cut off. Then one just needs to mill the sample to a needle shape until a
diameter is less than 50 nm on top. Finally, a low kV milling is performed to reduce the damage layer

induced by Ga ions.

and load

100nr

Figure 3.12 Step by step procedures of APT tips preparation onto the TEM grid.
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3.3 Mechanical test

3.3.1 Microhardness

Microhardness measurement is an important tool to fast examine the material mechanical
properties [238]. The simplest way of determining the resistance of a metal to plastic deformation is
through a hardness test. The Vickers hardness (HV) is computed from the equation (3.4) and is equal to

the load divided by the area of the depression,

1.891F
HV =
dZ

(3.4

where Fis the applied force in kgf, d is the average length of the diagonal left by the indenter in
millimeters. Before to measure the microhardness, the surface of the sample was polished until the
roughness of 1um. All the measurements were conducted with a load of 500 g with a dwell time of 10 s
on the polished surface of the samples using Buehler Micromet-5104 device. The distance between
indents was maintained at a constant value of 0.5 mm. Four series of measurements along the HPT disc
diameters were conducted for each sample after HPT processing. For as-cast samples and annealed

samples at least 10 points were measured.
3.3.2 Tensile test

Uniaxial tensile testing is a fundamental materials science and engineering test in which a sample
is subjected to a controlled tension until failure. The characteristics such as, Young’s modulus, Poisson’s

ratio, yield (ultimate) strength, strain hardening and uniform (ultimate) elongation, can be determined.

The dog-bone specimens for tensile tests were cut out from the HPT disks with a gauge length of 3
mm and a square cross-section of ~0.6 mm?. All the surfaces of the gauge region were polished with a
SiC paper (P2400) to remove deep scratches and oxidations. For precise elongation measurements, the
specimens were marked with TiO- paint using an airbrush, see Figure 3.13. Tensile tests were performed
at RT at a strain rate of 102 s using a custom-built computer controlled micro-tensile stage equipped
with a high-precision laser extensometer P-50 by Fiedler Optoelectronics. At least two samples for each

state were pulled to fracture to obtain statistically reliable results.
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Figure 3.13 Schematic representation showing cutting position of tensile specimens in HPT-disks and specimens before test.
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4 Influence of carbon alloying on the microstructure evolution of CoCrFeMnNi HEA

processed by high pressure torsion at room and cryogenic temperatures

4.1 Materials and experimental methods

For the synthesis of non-equiatomic Co:Cro.2sFeiMn;Ni; (subscripts indicate the molar fraction of
the respective component) alloys with the reduced Cr content, high purity elements (99.9 wt. %) were
melted by vacuum induction with the addition of different amounts of C. The nominal concentration of
C in the alloys was 0, 0.5 and 2 at. %. The chemical compositions of the as-melted alloys measured by
EDX for metallic elements and hot gas carrier method for C content. The corresponding results are shown
in Table 3.1 in Chapter 3. Cylinders with the diameter of 15 mm were machined from the produced
ingots. For the HPT processing, disks with the diameter of 15 mm and initial thickness of 0.7 mm were
sectioned out. HPT was performed at RT under a hydrostatic pressure of 6.5 GPa for 0.5, 1 and 3 turns
with the rotation speed of 0.5 rpm at RT and an extra 3 turns sample at LNT for C2 alloy. Therefore, the
specimens under the study were identified as CxNy, where x means the nominal C content for each alloy
and y denotes the number of revolutions during HPT. The von Mises equivalent strain (¢) is calculated

as:

2nNr

E =
V3h

4.1)

Where ris the radius of the considered position, NV is the number of revolutions and /4 represents
the thickness of the disk [239,240]. Zeiss LEO 1530 scanning electron microscope and Zeiss Auriga 60
with BSE and EDX detectors were used for microstructure characterization and elemental analysis for
both HPT and as-cast specimens. Specimens for XRD analysis were prepared by mechanical polishing
and final electro-polishing to remove the damaged surface layer. XRD measurements were performed
using a Philips X'Pert powder diffractometer with a Cu-Ka. anode. The strain and crystallite size were
evaluated using a CMWP [218] and the lattice parameters were evaluated by a X'Pert High Score
software using a Rietveld analysis. Transmission electron microscopy (TEM, STEM) and Automated
Crystal Orientation Mapping (ACOM) were carried out using FEI Tecnai F20-ST at 200 kV and Thermo
Fisher Themis-Z at 300 kV. ACOM data was collected by ASTAR system using a pixel size of 1 nm.
Crystallites with an area under 20 pixels (corresponding to an equivalent diameter ~5 nm) were not
included into the statistics due to their overlapping along the electron beam path. TEM lamellae and the
tips for APT analysis were prepared on FEI Strata 400 and Zeiss Auriga 60 using Ga FIB. APT
measurements were conducted using Cameca-LEAP 4000X HR instrument in laser probe mode and
voltage mode at 55K, with a pulse energy of 30 pJ, a pulse rate of 200 kHz and a target detection rate

of 0.3%. The reconstruction of APT data was performed with IVAS 3.6.14 and AP Suite software.
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4.2 Results

4.2.1 Microstructures of C-alloyed HEAs before HPT

Typical BSE images of the as-cast microstructures of the alloys with different C contents are shown
in Figure 4.1 (a-c). All samples are coarse grained; grains are typically several hundred microns in
diameter. Fine inclusions (visible as dark spots in Figure 4.1) noticed in all the alloys are oxides and
sulfides reported previously in this alloy system [173,198]. Meanwhile, Figure 4.1 likewise reveals that
the alloys solidify with primary FCC dendrites and interdendritic segregation, which is prevalent in as-
cast CoCrFeMnNi HEAs [7]. In the alloy with 2 at. % C, narrow lamellar precipitates along GBs are

observed under a higher magnification (Figure 4.1 (d)). These precipitates in the earlier research [12]

were identified as M,Cs type carbides.

e o o o 4 ?
Figure 4.1 (a-c) BES images of the microstructure of the as-cast CoCrFeMnNiCx HEAs: (a) x= 0; (b) x=0.5; (c) x=2; (d)
corresponding enlarged region in (c).

In order to reveal the composition of the carbides and their morphology, Figure 4.2 shows a 3-
dimensional reconstruction of the carbide on a grain boundary in the as-cast C2 alloy. The carbide
enriched with C and Cr is seen in Figure 4.2 (a). Ni and Co are partitioned mainly in the FCC phase,
while Mn and Fe are distributed more evenly between the FCC phase and the carbide particles. An
interface view of the carbide and the matrix highlighted by iso-surfaces with the respective thresholds

of 34 at. % Cr, 28 at. % Ni and 38 at. % Mn are shown in Figure 4.2 (b); the corresponding 1-dimensional
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composition profile across the carbide in Figure 4.2 (c), computed along the red arrow, is shown in

Figure 4.2 (b). The carbide has a lamellar shape with a thickness of ~25 nm and crosses the whole
reconstruction volume. Further, the C concentration measured within the carbide in Figure 4.2 (c) is
~17 at. %, which does not fit the anticipated concentration in neither the M;Cs nor M23Cs type carbide.
Thus, the chemical composition of the carbide is likely far from equilibrium. An increase of the Cr and C
concentration from the interface towards the matrix suggests that the formation of the carbide leads to
Cr and C depletion at the grain boundary, which indicates that such carbides precipitate after complete
solidification of the alloy. The formation of M23Cs and M7Cs carbides with similar morphology has been
frequently observed in some austenitic steels after ageing (see, for example [241-246]). It was
established that the precipitates discontinuously form at high angle grain boundaries, and like all
boundary precipitates have a parallel orientation with one of the grains. These precipitates grow further
with preferential migration of incoherent M23Cs/FCC matrix boundary and gradually became aggregated
to form film-like precipitates. The thermodynamic aspects and mechanism of such carbides formation in

Fe-Cr-Ni steels are discussed in Refs. [242,246-249].
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Figure 4.2 APT reconstruction of the carbide at a grain boundary in the as-cast C2 sample shown in Figure.4.1(d): (a)

overview of the reconstruction with Cr, Co, Fe, Ni, Mn and C maps (b) iso-concentration surfaces show areas with element
concentration exceeding 36 at. %.

4.2.2 Microstructures evolution of C-HEAs during HPT at RT

It has been reported that HPT leads to the formation of a gradient microstructure varying along the
radius, which is conditioned by the gradient distribution of shear strain [174,250]. Figure 4.3 shows the
microstructure evolution in the CONO.5 alloy from the HPT sample center towards its periphery. In the
central areas, the initial (as-casted state) dendritic structure with the inhomogeneous distribution of
constituting elements is persisting (Figure 4.3 (a), (d)). At the radius of 0.25 mm, which corresponds to
a relatively small equivalent strain of ~0.6, massive twinning (or rather nano-twining) occurs as shown
in Figure 4.3 (b). Figure 4.3 (c) suggests that a nano-structure formed apparently at the distance of 7

mm (equivalent strain of ~4). The sample surface shows almost uniform BSE contrast, nevertheless the
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elemental distributions in the matrix exhibit striped bands along the shear direction (Figure 4.3 (f)). The

regions depleted with Mn and Ni are enriched in Fe, Cr and Co, and vice versa.

Ni [ Ni

Figure 4.3 Microstructure evolution of the CO alloy during HPT: (a) center position without shear strain; (b) deformation
structure with twinning, the equivalent strain ~0.6; (c) the microstructure at the edge of HPT disk, the equivalent strain ~4;
(d-f) the EDX elemental maps corresponding to areas shown in (a-c).

The compositional fluctuations of C2N3 sample after HPT were examined in Figure 4.4. As can be
seen in Figure 4.4 (a), the elemental distribution map acquired from the FIB sample indicated a band-
shape of the projection of the deformed dendrite and interdendrite structures after HPT leading to the
chemical fluctuations of the multiple elements in the as-casted alloy (see Chapter 2). The dendritic band
(DB) is rich in Cr, Co and Fe which is analogous to dendrite in as as-casted alloy in Figure 4.3, whereas
interdendritic band (IDB) is rich in Ni and Mn. Figure 4.4 (b) indicated a uniform nanocrystalline single
FCC phase microstructure with elongated grains in the saturation region. Though the deformed alloy
exhibited a compositional inhomogeneity, the grains were refined to similar sizes in both DB and IDB,
~20 nm in width. A concentration profile was created along the white arrow indicated in Figure 4.4 (a)
to determine the composition of each band. As illustrated by Figure 4.4. (a) and (c), the border between
DB and IDB appears blurry which is mainly due to the effect of sample thickness and plastic deformation
induced during HPT. In addition, a statistical comparison based on SEM-EDX images and TEM-EDX maps
indicated that DB has a volume fraction of ~2/3 and higher concentration of Fe, Co, and Cr while IDB
has a low volume fraction of ~1/3 and higher concentration of Mn and Ni. The atomic concentrations

of each element are presented in Table 4.1.
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Figure 4.4 Microstructures and distribution of chemical elements of C2N3 alloy. (a) EDX maps of metallic elements and the
selected area in original TEM lamella; (b) HAADF-STEM image of the microstructure of the C2N3 alloy and inserted SAED;
(c) a concentration profile created along the white arrow in (a).

Table 4.1 The composition and volume fraction of DB and IDB regions

. . Chemical composition (%
Domains Volume fraction P (%)

Cr Co Fe Ni Mn
DB 2/3 6.9+0.6 24.9+2.8 28.0+3.0 20.0+2.6 17.9+2.5
IDB 1/3 45+04 19.4+2.4 16.7+2.2 26.2+3.2 30.4+3.7

Figure 4.5 (a-c) show the DF-TEM images and corresponding SAED patterns of the high entropy
alloys, after three turns of HPT. All observations were performed in a cross section at the periphery of
HPT disks. The microstructure of all the alloys is characterized by elongated in shear direction grains.
Apparently, the grain size decreases with the C increasing content. Nano-twins and dislocations are
clearly observed in the BF-TEM images for C0.5N3 and C2N3 alloys shown in Figure 4.5 (d-e),
respectively, however, the relative amount of twins is not very high. In fact, less than 10% of grains
contain twins. The ring arrangement of the diffraction spots suggests that the nano-structure contains
boundaries of high-angle misorientation. The average grain sizes are 45, 29, and 18 nm in CON3,
CO0.5N3, and C2N3 alloys, respectively, as determined using the linear intercept method on HAADF
images. It is worth noting that all grain boundaries were taken into account, including twin boundaries,
and therefore the estimated grain size includes the twins as well. However, we should keep in mind that
the calculated grain size is the minimum dimension of the crystal, which has an ellipsoid shape after

HPT processing [251].
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Figure 4.5 DF-TEM images and corresponding SAED patterns (inserts) of HEAs processed by HPT with 3 turns: (a) CON3;
(b) C0.5N3; (c) C2N3; (d, e) higher magnification BF-TEM images for C0.5N3 and C2N3 alloys, respectively.

Figure 4.6 shows the XRD patterns of HEAs with different C contents after three turns of HPT. The
measurements were done at the periphery of the HPT discs with a strain y approximate ~220. CMWP
fitting results [218] were presented for the determination of crystallite size distribution and the
dislocation structure of alloys the obtained sub-grain size, dislocation density summarized in Table 4.1.
Only FCC phase peaks are present in the pattern suggesting that the FCC phase is stable during the HPT
processing. This observation is consistent with the TEM SAED patterns (inserts in Figure 4.5). It is
apparent that the peaks of the C2N3 alloy are broader than these of CON3 and C0.5N3 alloys, due to the
smaller grain sizes and high dislocation density, as shown in Table 4.2. Meanwhile, the maximums of
the C2N3 alloy shift towards lower diffraction angles as is evident from an enlarged 26 angle peaks
image showed in the right-hand side of Figure 4.6. This shifting suggests that C dissolves mostly in the
FCC matrix and induces an increase of the lattice parameter shown in Table 4.2. The lattice parameters
of CON3 and C0.5N3 are almost the same implying that the distortion caused by C atoms in the C0.5N3
alloy is quite small. Note that the diffraction peaks of carbides are not detected, probably due to a small

volume fraction and nano-size of the carbides after HPT.
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Figure 4.6 XRD diffraction patterns for the high entropy alloys with different C contents after three turns of HPT. The insert
shows enlarged (311) peaks.

Table 4.2 The grain/crystallite sizes determined by STEM/CMWP method, the dislocation density p, the lattice parameter a.

Alloys <X>area (nm) dby STEM p (10 m?) a(A)
(nm)
CON3 22.4 45 0.57 3.5949(+0.00048)
CO0.5N3 17.7 29 1.85 3.5955(+0.00034)
C2N3 16.5 18 8.26 3.6054(+0.00064)

Later, the results of crystallite size and dislocation density were analyzed for CxN3 samples with
CMWP method were demonstrated in Figure 4.7. The measured points were selected along the HPT disk
radius at the position of 1, 2, 5 and 7.5 mm. The crystallite sizes of all the CxN3 indicated a decreasing
trend with the shear strain increasing, shown in Figure 4.7 (a). C2N3 alloy presented a saturation of the
crystallite size at = 2 mm with a shear strain of ~55, which indicate a large saturation region. However,
the final saturation crystallite sizes are approximate for these three alloys, and are in the range from
16~22 nm. On the other hand, it can be seen that the dislocation density of C2N3 dramatically increased
to the maximum at a shear strain of ~55, which is analogous to the crystallite size results. Furthermore,
in C2NO and C2NO.5 alloys, the dislocation densities illustrated a decrease tendency with the strain
increasing. This may relate to the common dislocation density evolution: the dislocation density
increased significantly at the lower strain states and then decreased which can be explained based on
the facts that dynamic recovery occurred extensively when the dislocation density becomes high [126].
The dislocation generation rate and annihilation rate are supposed to reach a balance at large strain

value, resulting in a steady state dislocation density.
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Figure 4.7 The crystallite size vs. shear strain y; (b) the dislocation density vs. shear strain y.

Figure 4.8 presents the chemical composition of C2N3 alloy obtained using the APT reconstruction.
The reconstruction volume contains a number of grains according to the measurements on TEM images
in Figure 4.8 (a-c). The elemental distributions illustrate a single-phase solid solution character of the
material with chemical homogeneity at the nano-scale. No obvious segregations or C, Cr-rich precipitates
are observed. The carbides are likewise not detected by the APT technique due to two conceivable
reasons: (i) the initial brittle carbides fractured into finer pieces during HPT processing and dissolve in
the alloy matrix under the high strain [210]; (ii) the fine shattered carbides are not detected due to the
limited volume measured. Because of the limited volume of tip of the APT measurements, it is essential
to note that the multiple elements in the HPT processed carbon-alloyed HEA are not uniformly

distributed as discussed above, though a single FCC structure were revealed by TEM characterizations.
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Figure 4.8 APT reconstruction the C2N3 alloy at saturation: an overview of the reconstruction with Cr, Co, Fe, Ni, Mn and
C maps.
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4.2.3 Comparison of saturation microstructures of C2N3 alloy deformed at room and liquid

nitrogen temperature

The comparison of microstructures of the C2N3 RT and C2N3 LNT samples corresponding to the
sample region with saturated microhardness are shown in Figure 4.9. The BF-TEM images in Figure 4.9
(a) and (d) illustrate the nano-scaled uniform microstructure. The corresponding diffraction patterns
indicate that both samples exhibit single FCC phase and uniform nanoscale grains. No precipitation or
phase transformation occurred during and after HPT processing. ACOM maps and inserted grain size
distribution histograms are shown for the two HPT conditions in Figure 4.9. (b) and (e). Nanoscale
grains are separated by high angle grain boundaries (> 15°) shown with black lines. The average grain
size of the two alloys is approximately around ~18 (+12) nm. In addition, several nanotwins can be
found in orientation maps in both alloys. However, due to the limitation of scanning resolution,
nanotwins with a width less than 4 nm could not be detected especially in LNT alloy. High resolution
TEM images of these two samples are shown in Figure 4.9 (c¢) and (f), respectively. The inserted fast
Fourier transform (FFT) images show the [011] zone axis in both samples. Apparently, the amount of
deformation twins was relatively low in the RT sample. However, there are plentiful nanotwins with a
thickness between 1 and 4 nm as shown in Figure 4.9 (f) marked by yellow dashed lines and the related
FFT provides significant evidence of £3 boundaries in (011) plane of FCC structure. In facts, nano-twins
were observed in all grains with the [011] zone axis normal to the sample surface (i.e., in all grains

suitably oriented for observation of twins in HRTEM) in LNT sample.
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Figure 4.9 TEM characterization of CoCrFeMnNiC2 deformed at room (a-c) and cryogenic temperature (d-f). (a) and (d)
show the BF-TEM image with inserted selected area diffraction patterns;(b) and (e) are orientation maps evaluated from
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ACOM and corresponding grain size histogram; (c) and (f) show the HR-TEM image with enlarged area and corresponding
FFT.

The chemical composition and the elemental distribution in studied alloy were analyzed using APT
method, as shown in Figure 4.10. As the grain sizes of both alloys are around ~18 nm, the cuboids of
20 nm thickness were sliced from the original APT volumes to avoid crystal overlapping. The carbon
distribution map in Figure 4.10 (a) shows that the carbon atoms are not homogeneously distributed in
this sample but have segregated along the surfaces, which are most probably grain boundaries (indicated
by arrows). Let us emphasize that the APT sample (a needle with base radius of 50 nm and a length of
150 nm) contains approximately ~100 grains with several hundreds of grain boundaries. Therefore, the
obtained results are statistically valid. Meanwhile the metallic constituents were distributed
homogeneously. The segregation of the C-atoms fluctuates on a nanometer-scale in the range roughly
from 5 to 30 nm corresponding to the range of grain sizes in the RT alloy (Figure 4.9 (b) and (e)).
Therefore, it seems that carbon atoms segregate to crystalline defects like GBs, which more likely present
with a high density in severe deformed alloys. However, this significant segregation phenomenon was
not observed in the LNT sample shown in Figure 4.10 (b) C-map. The difference between the segregation
behavior at RT and at LNT indicates that the C atom diffusion during the deformation process is

insufficient at the low temperature.
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Figure 4.10 APT reconstructions in (a) RT and (b) LNT alloys. Co, Mn, Cr, Ni, Fe, and C elemental distribution were shown
separately; the arrows C map (a) indicated the sites of carbon segregation.

65



4.3 Discussion

4.3.1 Mechanisms of grain refinement and carbide dissolution

Plastic deformation of HEAs has been investigated for over 10 years since they were first discovered
[2,7]. However, studies on structure and properties of single phase FCC HEAs processed via HPT
deformation have been reported only in the last few years [174,175]. In this study, the microstructural
observations indicate that C alloying of the CoCrFeMnNi high entropy alloy significantly contributes to

grain refinement during HPT processing.

It is known that the microstructure evolution during HPT occurs in a series of stages. The schematic
describing the grain refinement of CO alloy during the HPT is shown in Figure 4.11 (a). It starts with
the formation of a cell structure and deformation twins with high dislocation density located in the cell
boundaries [252,253]. Subsequently, inhomogeneous microstructure with a broad grain size and
boundary misorientation distributions forms, which maintains over a wide range of shear strains.
Nevertheless, the mean grain size gradually decreases with strain increasing and the permanent storage
of dislocations in cell boundaries leads to an increase of their misorientations. Ultimately, a steady stage
is reached where the mean grain size achieves the lowest value, and neither the mean grain size nor the

GB misorientation distribution can be influenced by further deformation [253].

The main feature of the microstructure evolution of low SFE FCC alloys during plastic deformation
is intensive deformation twinning, which significantly facilitates the grain refinement during SPD [89].
In the materials that deform by both twinning and slip the kinetics of microstructure refinement can be
enhanced due to intensive twins formation [99,254]. Thin deformation twins, which are separated from

the matrix by high-angle boundaries, readily transform into a chain of grains during the deformation.

Deformation twinning in the Cantor alloy is associated with its low SFE of ~21 mJ/ m? at RT
[98,255]. The mean grain size of saturated microstructure is ~45 nm (Figure 4.5(a)), which is similar
to the behavior of the equiatomic CoCrFeMnNi alloy during HPT [174]. It suggests that the two alloys
have comparable SFE in essential. It was found recently based on first principles calculations that

addition of C in CoCrFeMnNi increases SFE [256]. This finding was confirmed in CrCoNi MEA [257].

66



Undeformed grain Deformation twinning LAGBs/cells HAGBs/ grains

)
L« =]
v I

(a)

AN I\ T v

(b)

< carbide — Twin boundaries ¢  (Carbon atom | dislocation

B High angle boundaries (HAGBs) ~---  Low angle grain boundaries (LAGBs)
Figure 4.11 Schematic of microstructure evolution during HPT of: (a) CO alloy; (b) C2 alloy.

With the C content increasing, the mean grain size of the saturated microstructure shows a
decreasing trend. The mean grain sizes are 29 and 18 nm for the C0.5N3 and C2N3 alloys, respectively.
The reduction in grain size can be associated with the segregation of C on GBs (Figure 4.10) as a result
of the dissolution of carbides during HPT. Similar results were also reported in C45 steel [210,258] and
pearlitic steel [259]. Several mechanisms may lead to strain induced dissolution of precipitates during
SPD. It is known that high dislocation density [253], non-equilibrium GBs [260] and high vacancy
concentrations [261] which form during SPD, provide the diffusion paths for interstitial C atoms. All the
defects contribute to the diffusion or the atomic mobility during SPD: the dislocations can drag solutes
[262] and act as diffusion pipes [263], the GBs are the fast diffusion paths and also drag solute when
they move during SPD [264-266], and the strain induced vacancies directly enhance the atomic

diffusion, respectively.

It is known that interstitial C atoms have a strong effect on dislocation cross-slip. Grain refinement
starts from grain subdivision during plastic deformation on several length scales which is found to be
universal in wavy glide materials like e.g., Ni [267] and iron [268]. However, grain subdivision also
occurs in planar glide materials such as low SFE alloys, e.g. HEA [269] and TWIP steel [270]. In our
case, different C contents from O to 2 at. % (nominal) was added to CoCrFeMnNi alloy. Despite some
segregation formed on the GBs in C2 alloy, the C concentration in the matrix is close to the nominal one
(=2 at. %). The schematic describing the grain refinement of C2 alloy during the HPT is shown in Figure
4.11 (b). Due to the strong effect of C atoms, it results in a gradual transition in the type of dislocation
configuration from planar (Taylor lattice) to wavy (cells and cell blocks) [270], which contributes to the
formation of cell blocks. Since the size of initial cell blocks is limited by C atoms pinning the dislocations,

the fragmentation trends to reduce the sub-grain size resulting in finer grains. GB migration is necessary
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to obtain a steady-state microstructure and to prevent a continuous decrease of the grain size [271].

However, the C segregation at GBs occurring during HPT provides the effect of pinning of the boundary
migration; grains cannot grow up which results in finer grain size in the C2 and CO.5 alloys comparing
with the CO alloy. In pure Ni, the influence of C in the saturated microstructure was also analyzed [154].

It was revealed that the higher C content led to finer grain size after HPT in the saturation regime.

The evaluation of the XRD peak profiles revealed notably high values of dislocation density in all
HPT-processed alloys. It is known that the dislocation density in SPD processed alloys is low because
dislocations usually sink into GBs or self-organize into ordered substructures like sub-boundaries [253].
From dislocation densities in Table 4.2, we can approximately estimate how many dislocations reside in
one grain. In the CON3 alloy, each grain contains fewer than 30 dislocations. Comparing with the C2N3
alloy which has much smaller grain size, but contains about 50 dislocations per grain. These results
provide support to the argument that C interstitial enhances the storage of dislocations during HPT

processing even in grains with the finest size.
4.3.2 Carbon segregation behavior at room and liquid nitrogen temperature

In order to quantitatively analyze the fluctuations of carbon concentration in the matrix, 1-D
concentration profiles were plotted for a cuboid shaped slab with dimensions 5x5x60 nm? along the Z-
direction. Two typical linear concentration profiles of carbon for both alloys are shown in Figure 4.12.
The inserted horizontal dashed lines correspond to the average C concentration of the selected APT
volume. In the present study, the nominal carbon content in the alloy is 2 at. %, which is rather low
concentration and usually leads to a large deviation in the statistics. As can be seen in Figure 4.12 (a),
the mean C concentration is around 1.84 at. %, however, two peaks with a concentration of ~4-5 at. %
reveal the pronounced C segregation in the RT sample. Whereas the random fluctuations of C

concentration were plotted in Figure 4.12 (b) without any noticeable peak implying that this C
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segregations were not formed during the HPT process at LNT in the studied alloy, despite of a relatively

higher mean C content of 2.04 at. %.
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Figure 4.12 Linear concentration profiles of C atoms evaluated from the APT measurements of the samples processed by
HPT at (a) RT and (b) LNT.

Normally Carbon atoms can easily segregate to the lattice defects like dislocations, sub-grain and
grain boundaries in both BCC and FCC alloys [210,259,272]. In order to understand why notable carbon
segregations were not observed in the sample processed at LNT, we should consider two points: (i) the
source of carbon atoms to form segregations; and (ii) the transport mechanisms for carbon atoms to the
segregation sites. In our previous subsection, we have shown that as-melted C2 alloy contains carbides
precipitated along grain boundaries. We argued that the dissolution of these carbides during HPT
released carbon atoms that subsequently segregated to grain boundaries. This phenomenon was also
found in C45 steel processed by HPT at RT [210]. Present investigation indicates that HPT process at
LNT most likely does not lead to a dissolution of carbides, but rather to their refinement. This directly
follows from the fact that the carbon concentration in the FCC matrix is the same in samples after HPT
processing at both temperatures, as shown by the XRD determination of lattice parameter (Figure 4.6).
Indeed, released carbon atoms as a result of carbides dissolution can either dissolve in the lattice thus
leading to its expansion, or form segregations. As none of that is observed in the sample processed by
HPT at LNT, we conclude that at that temperature carbides are more stable against mechanically driven
decomposition. As an example, the refined carbide particle was found at grains triple junction position
in the LNT sample shown in Figure 4.13. Figure 4.13 (a) indicated the grain triple junction in LNT
sample. Grain 1 and Grain 2 show [011] and [001] orientations of the zone axis correspondingly (see
the inserted FFTs taken from the grains interior). The spots belonging to two grains are marked by the
circles of corresponding colors. Aside from the spots of grains 1 and 2, additional set of spots is observed.
It is indicated by the arrows in Figure 4.13 (b). Figure 4.13 (c) shows the inverse FFT image of Figure
4.13 (b) filtered with these additional spots. The interplanar spacing is ~ 0.254 nm, which is higher
than the largest interplanar spacing of FFC structure (a 111 = 0.211 nm). This number is quite close to d

@on = 0.252 nm of CryCs type carbide. The reasons for the enhanced stability of carbides at LNT are not
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fully understood yet and require further investigations with the help of thermodynamic calculations,

which is over the scope of present work. Here, we can suggest that it might be somehow related to frozen
atom transport mechanisms such as dislocation drag [273], dislocation pipe diffusion [274], non-
equilibrium grain boundary diffusion [266] and even vacancy-assisted diffusion [261], due to high

energy barrier at cryogenic condition according to Fick’s law [275].

Grainl

Figure 4.13 HRTEM image obtained at grain triple junction in LNT sample. (a) marked grain boundaries of Grain 1 and
Grain 2 showing [011] and [001] ZA and corresponding FFTs. (b) FFT from the grain boundaries region. (c) shows the
inverse FFT image of (b) filtered with these additional spots.

Another interesting observation of the present research is the formation of numerous twins inside
of the nanocrystalline grains in LNT sample. CoCrFeMnNi type FCC HEAs are known to exhibit excellent
mechanical properties at cryogenic temperatures, which is caused by the activation of twinning
deformation [9,12,276]. In the above-mentioned works, a transition to twinning deformation is related
to the pronounced temperature dependence of the yield strength. High flow stress at cryogenic
temperature is an important trigger for the development of deformation twins in FCC high entropy alloys
[99,277,278]. Additionally, the activation of deformation twinning can be related to the temperature
dependence of the SFE as shown by first-principal quantum mechanical methods [255]. Numerous grain
refinement. As a consequence of twinning deformation, the dislocation slip can be suppressed nano-
scaled twins could be formed in LNT sample due to lower SFE, which can contribute to the observed,

which leads to reduced generation of dislocations and vacancies.
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4.4 Conclusions

High entropy alloys CoCrFeMnNiCx (x = 0, 0.5 and 2 at. %) with a reduced Cr content were
processed by SPD using HPT. As a result, the microstructure was significantly refined down to nanometer
grain size range, and a saturation of grain size was achieved. The interstitial alloying element C played
an important role in the microstructure refinement during HPT and the resulting strengthening of the

alloys under investigation:

i) C interstitial facilitated an increase in dislocation density and grain refinement during high-
pressure torsion processing. The grain sizes are reduced to 45 nm, 29 nm, and 18 nm in the
alloys with the C content of 0, 0.5, and 2 at. %, respectively. Meanwhile, the dislocation
density increases sharply from 0.57 x10'® m?2 up to 8.26x10'® m2. The deformation
mechanisms responsible for microstructure refinement involved deformation twinning and

dislocation slip.

ii) In the as-cast condition the alloy with 2 at. % C contained carbides at the grain boundaries,
enriched with Cr and C. It appears that the carbides were dissolved during the high-pressure
torsion processing. In turn, after three rotations of high-pressure torsion segregation of C at

the nanograin boundaries were detected by XRD.

iii) Investigations allowed to conclude that the nano-structured single phase FCC high entropy
alloy processed at room temperate shows carbon segregation at grain boundaries or in areas
with high density of dislocations. However, cryogenic deformation is unfavorable to carbon

segregation formation mainly due to high diffusion energy barrier at low temperature.
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5 Thermal stability of nanocrystalline carbon alloyed high entropy alloy

5.1 Materials and experimental methods

Non-equiatomic high entropy alloy Co:1Cro.2sFe1MniNi; with reduced Cr content and 2 at. % carbon
was produced by mixing of pure constitutive elements by vacuum induction melting. Disks for HPT
process were cut from the as-casted ingot with a dimension of ¢ 15x 0.8 mm?®. The distribution of the
principal elements in as-casted alloy were determined by EDX, it indicated a dendrite and interdendrite
structure as described in Chapter 3. The dendrite composition in the studied alloy indicated a higher Cr,
Fe and Co content with an interdendritic composition rich in Ni and Mn, which is analogous to Cantor
alloy [7]. HPT experiments were carried out at RT under a hydrostatic pressure of 6.5 GPa for 3 turns
with a rotation speed of 0.5 rpm. After HPT the samples were subjected to process the post deformation
isochronal anneal in a high vacuum quartz tube furnace for 1 h at 200, 500, 530 560 and 600 °C. These
temperature intervals were selected according to the DSC measurement on C2N3 alloy, shown in Figure

5.1.
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Figure 5.1 DSC heating curve of the C2N3 alloy, a strong exothermic peak on 600 °C and one around ~530 °C.

Conventional bright-field images, SAED and HAADF-STEM were obtained using the TEM)
ThermoFisher Themis 300 and ThermoFisher Themis Z at 300 kV. STEM based core EELS images were
acquired on ThermoFisher Themis Z at 300 kV using a Gatan GIF Continuum camera with an energy
resolution of 0.6 eV and a step size of 0.5~10 nm. High resolution TEM and STEM images were
conducted with ThermoFisher Themis Z. Subsequent TEM data analysis was performed with Velox and
Digital Micrograph software. APT measurements were investigated using LEAP 4000 HR instrument. The
APT measurements were conducted in voltage mode with a pulse fraction of 30 %, a pulse rate of 200
kHz and a detection rate of 0.5 % at 55 K. The 3-dimentional reconstruction and further analysis were
provided using AP Suite software. The samples for TEM and APT characterization were prepared using

a dual beam Ga FIB FEI Strata 400 instrument milled at 30 kV and final polishing at 5 kV.
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5.2 Results

5.2.1 Microstructures after heat treatment at different temperatures

A brief microstructure evolution by conventional TEM investigation of HPT-processed
nanocrystalline HEA after isochronal heat treatments at different temperatures is demonstrated in Figure
5.2. At low annealing temperature of 200 °C, the microstructure looks similar to that of the as-deformed
state and shows a nanocrystalline grain size of ~20 nm with a single FCC phase given by the
corresponding diffraction pattern. However, when the annealing temperature is increased to 500 °C,
very weak additional reflections rings related to BCC structure appear in the diffraction pattern. From
the bright-field images, there is no obvious recrystallization in this state and the grain size is more or
less comparable to that in the as-deformed state i.e., the grain size is remaining the size of ~20 nm.
After annealing at 530 and 560 °C, the BCC reflections are more distinct in the diffraction patterns. With
slightly higher temperature increasing, the microstructures become coarser due to the growth of FCC
grains and precipitates. The statistical mean grain size averaged for all phases in the sample annealed at
530 and 560 °C is 64 and 87 nm, respectively. At 600 °C, a notable grain growth is clearly presented
and the microstructure shows equiaxial grains with an average size ~280 nm. Aside from the
recrystallization, the BCC reflections are not found any more which indicates a presence of a single FCC
structure at this temperature again. Furthermore, there is a pronounced change in the diffraction pattern
from continuous to discontinuous rings, which is a result of grain growth. It is worth noting that the FCC
matrix after HPT is relatively stable until 500 °C, when it started to decompose and the grains still show

an elongated morphology meaning that recrystallization didn’t occur.

Anneal temeerature increasinﬁ '

Figure 5.2 BF-TEM images and corresponding SAED of the C2N3 alloy after annealing from 200-600 °C.
5.2.2 FCC phase decomposition during annealing
In order to understand the FCC phase decomposition and recrystallization progress, the

spectroscopy analysis using STEM-EELS was performed in samples annealed at 500, 530 and 600 °C

samples. Figure 5.3 shows the microstructure and elemental map after heat treatment at 500 °C for 1 h.
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Analogous to bright-field TEM images, the ADF image in Figure 5.3 (a) illustrated a nanocrystalline

microstructure with a grain size of ~20 nm. STEM-EELS analysis reveals the formation of nano particles
indicated by white arrows in DB areas, that are separated with IDB areas with white dashed lines. These
nano particles with an average size of ~20 nm and enriched in Fe and Co are found to be randomly
distributed only in DB. Also, in IDB region, there are some particles enriched in Ni and Mn with a
comparatively small size of ~5 nm. These two types of particles are assumed to be similar to the CoFe
B2 and NiMn L1, phases precipitated at annealing of Cantor alloy [279]. Moreover, elemental
segregation of Cr and Ni was observed at grain boundaries in Figure 5.3 (b), in a higher magnification
STEM-EELS map obtained with a step size of 0.5 nm. The inserted concentration profile measured along
the white arrow crossing one grain clearly indicates the Ni and Cr segregations occurred at the grain
boundaries. Interestingly, Ni and Cr segregations seem to be at a competition relationship as Cr is
segregated on the one side of the grain while Ni segregated on the other side. However, these two
elemental segregations are close to each other and are surrounding the same grain. On the whole, Ni,
Mn, and Cr show a tendency to segregate on the grain boundaries, besides Ni and Mn indicated a co-

segregation implying a nucleation of NiMn phase.
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Figure 5.3 STEM-EELS elemental maps of C2N3 alloy after annealing at 500°C for 1 h. (a) The ADF image of spectrum
imaging region and corresponding metallic elements distribution maps; (b) Magnified color mix map of Cr, Ni and Fe with
inserted concentration profile crossing a grain along the white arrows displaying the fluctuations of Cr and Ni.

It had been discussed above that carbon segregations were revealed on the grain boundaries of
C2N3 alloy in the as-deformed state; it is necessary to clarify the carbon effect on the elemental
segregation phenomenon in the 500 °C treated sample. Hence, APT measurements were conducted with
this sample. 3D reconstructed volumes along with iso-composition surfaces for C, Cr and Ni were shown

in Figure 5.4 (a). The iso-composition values were chosen to highlight the segregation of the elements.
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Cr and C iso-composition surfaces highlight segregation of respected atoms at the same grain boundaries

as a co-segregation. The 1D-composition profile in Figure 5.4 (b) along the purple arrow across the GB
shows that Cr (with the peak concentration of ~12 at. %) and C segregate with the concurrent depletion
of Ni and Mn. Moreover, on the internal grain, Mn and Ni concentrations are a bit higher than Co and
Fe ones meaning that the APT tip was obtained from the IDB region. In the other 1D-composition profile
along the orange arrow shown in Figure 5.4 (c), it is seen that Ni and Mn co-segregations occur
accompanied by the co-depletion of Fe, Co, Cr and C. The peak concentrations of Ni and Mn have reached
~31 at. % and ~36 at. % with a concomitant Fe and Co depletion to ~15 at. %. STEM-EELS and APT
analysis reveals co-segregation of Cr and C, Mn and Ni as well, and the complex enrichment and

depletion phenomenon occurring at the grain boundaries in the 500 °C treated sample.
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Figure 5.4 APT reconstruction of C2N3 sample after annealing at 500 °C for 1h shows segregation of C, Cr and Ni. (a) 6
at. % C iso-surface, 10 at. % Cr iso-surface and 29.8 % Ni iso-surface; The 1-D composition profiles taken along the direction
indicated by the purple arrow (b) and the orange arrow (c).

Figure 5.5 shows the microstructure of the heat treated at 530 °C sample and corresponding
elemental distributions characterized using STEM-EELS with a step size of 10 nm from the region in a
white rectangle. As detailed in the elemental maps in Figure 5.5 (b), the selected volume contains two
regions which correspond to the DB and IDB regions, respectively. Despite it cannot be distinguished in
the HAADF image (Figure 5.5 (a)), the crucial difference between these two regions clearly reveals in

elemental distribution maps (Figure 5.5 (b)), where the formation of numerous precipitates with
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different compositions is observed. As can be seen in the top part of the elemental distribution maps,

there are two types of particles, one is enriched in C and Cr and the other one contains Ni and Mn.
However, in the bottom region, there are additional precipitates rich in Co and Fe, which correspond to
DB region. The detailed analysis of the chemical composition and crystalline structure of the precipitates
are discussed below. This heterogeneous precipitation behavior is attributed to the chemical

inhomogeneity presented in the as-deformed alloy after HPT processing.
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Figure 5.5 STEM-EELS elemental maps of C2N3 alloy after annealing at 530°C for 1 h at a low magnification. The dashed
line in the Fe and Mn elemental maps indicate the border between DB and IDB.

Figure 5.6 demonstrates magnified image of the microstructure and elemental distribution maps
from DB region in Figure 5.5 characterized using STEM-EELS with a step size of 0.5 nm. A significant
growth of CoFe phase can be seen in Figure 5.6 (a), with a mean particle size of 80~100 nm which is
larger than the FCC grains nearby. These FCC grains have an equiaxial shape with an average size of
50~100 nm, which indicated a notable grain growth in the FCC matrix. Despite of dramatic depletion
of Fe and Co elements, the FCC phase shows a concentration of 3.5 Cr, 29 Fe, 22 Co, 23 Mn and 18 Ni
(all in at. %), which is comparable to the chemical composition of the as-deformed DB region with
distinct decrease of Cr. Furthermore, the nanoprecipitates with irregular shape, surrounding these CoFe
particles and indicated by yellow arrows in the overall map, correspond to a NiMn phase. In addition,
some nanoparticles enriched in Cr and C were observed at this temperature, which are assumed to be

carbides or their precursors due to their high carbon content. A concentration profile line was created
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along the white arrow crossing the CoFe precipitate and a FCC grain to reveal the segregation on the

grain boundaries and phase interfaces, shown in Figure 5.6 (b). The concentration profile illustrated co-
segregation of two elements, Mn and Ni on/near FCC grain boundaries and at the interface between the
FCC grain and CoFe phase. The co-segregation with a ~40 at. % Ni and ~30 at. % Mn at the interface
is stronger than that at FCC grain boundaries (~29 at. % Ni and ~27 at% Mn). However, there is one
significant phenomenon that the elemental distribution in the FCC grains is inhomogeneous in
comparison with that in the sample annealed at 500°C. In particular, Ni and Mn showed not only a
strong co-segregation at the grain boundaries, but there is also a notable enrichment with Ni and Mn in
the region close to grain boundaries, which can be seen clearly in Figure 5.4 (b) and Ni map in Figure
5.4 (a). However, a concentration of Co and Fe is higher in the center of the FCC grains (see Co and Fe
maps) according to the concentration profile. This subtle inhomogeneity in the elemental distribution
may be induced by the thermally activated diffusion and finally lead to the decomposition of FCC phase.
In addition, the carbon concentration is higher in the CoFe precipitates, which is assumed to occur due

to preferable carbon contamination of CoFe particles during TEM measurements.
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Figure 5.6 STEM-EELS elemental maps of C2N3 alloy after annealing at 530°C for 1 h at high magnification in DB region.

(a) STEM spectrum image and elemental distribution maps with a step size of 0.5 nm (b) a concentration profile along the
white arrow in the overall map.

In order to deeply analyze the inhomogeneous distribution of C, Co, Cr, Fe, Ni and Mn in the DB
region of the 530 °C heat treated sample; APT investigation was performed. Figure 5.7 (a) shows the 3D
reconstructed volume containing several precipitated particles. Figure 5.7 (b) demonstrates iso-
composition surfaces of 55 at. % (C, Cr) in red, 75 at. % (Co, Fe) in orange, 90 at. % (Ni, Mn) and 35
at. % Ni in cyan. All the precipitates observed in the APT reconstructed volume are close to each other.
The Ni segregation behavior is remarkable according to the Ni iso-surface, as Ni atoms appear like a
cocoon around all the precipitates and FCC grains. This 3D-distribution of Ni atoms is analogous to that
observed in the EELS construction in 2D plane (Figure 5.6). Furthermore, several proxigrams were
established using the above iso-surfaces. Figure 5.7 (c) shows the proxigram from the 90 at. % (Ni, Mn)
iso-surface which indicates a high Mn and Ni concentration in NiMn particles with a ratio of 1:1, in
addition containing ~1.7 at. % Fe, ~0.6 at. % Cr, ~4 at. % Co and less than 0.1 at. % C. Figure 5.7 (d)
illustrates the proxigram from the 75 at. % (Co, Fe) iso-surface. No obvious C solution (~ 0.1 at. %) can

be seen in the CoFe particle, which confirms that high C concentration detected by EELS is induced by
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preferable carbon contamination during TEM measurement. CoFe phase is composed of Fe and Co
(both~ 44 at. %), ~11 at. % Ni and Mn (7.5 at. % Mn, 3.6 at. % Ni). Furthermore, a higher concentration
of Ni at the interface is associated to the cocoon-like distribution of Ni segregation. Similarly, the
proxigram collected from 55 at. % (C, Cr) iso-surface was plotted in Figure 5.7 (e). The carbide shows
a main concentration of 24 at. % C, 52 at. % Cr, rest of Fe, Co, Mn with approximate concentration of
23 at. % in total and a negligible Ni content, indicating a M23C; type high-entropy carbide [280]
according to the chemical constitution. Further, a composition of the FCC phase in the APT volume was
given by the mass spectrum directly using a present bulk compositing analysis shown in Table 5.1. It
indicates an exhausted C concentration (0.15 at. %) and a significant depletion of Cr in the FCC matrix
suggesting a precipitation of M23Cs carbide formation nearby. The compositions of the matrix and the

precipitates measured from APT are reported in Table 5.1.
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Figure 5.7 (a) APT 3D reconstruction volume of C2N3 alloy after annealing at 530°C for 1 h in DB region showing

inhomogeneous elements distribution; (b) the iso-composition of 55 at. % (C, Cr), 75 at. % (Co, Fe), 90 at. % (Ni, Mn) and
35 at. % Ni; Proxigrams (d-¢) created for the NiMn, CoFe and C,Cr iso-surface, respectively.
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Table 5.1 The chemical compositions of all phases present in the analyzed APT volume in Figure 5.8.

phase C Cr Fe Co Mn Ni

CoFe 0.1+0.05 0.2+0.05 44.1x0.7 44.3*0.6 7.5+0.3 3.6+0.2
NiMn 0.05+0.02 0.6*0.1 1.6x0.1 4.1+0.2 46.5+0.5 46.9+0.5
CrC 24.4x0.7 52.6x0.8 9.4+0.5 3.1+0.3 11.1+0.5 0.4+0.1
FCC 0.15+0.01 5.1x0.1 23.6x0.2 22.3+0.2 23.7+0.2 24.4+0.2
matrix

A STEM image and corresponding EELS elemental distributions of the sample annealed at 600 °C

was shown in Figure 5.9 (a). The typical equiaxial grains after recrystallization were observed in the

79



ADF-STEM image with a mean grain size of ~200 nm. The EELS elemental distribution maps showed

all the six alloy constitutive elements which presented in the carbides precipitated mostly at the grain
triple junctions and some occasional round particles enriched in Cr located in FCC grains indicated by
the white circles in Cr map. The Cr-rich particles do not contain C meaning that it is Cr-rich BCC phase
or Cr-o phase precipitates [174,198]. Also, some carbides contain higher concentration of Mn in the
center, which can be the indication that carbide nuclei were Mn-rich. Figure 5.9 (b) plots a concentration
profile crossing a carbide and a FCC grain boundaries. According to the profile, the carbide contains ~
30 at. % C and 50 at. % Cr, indicating that it is M;Cs type carbide. Further, a weak segregation of Ni and
Mn was observed at grain boundaries, which is comparably lower than that in 500 and 530 °C treated
samples. It is predicted that the grain growth leads to a decrease of lattice defects density thus limiting

the diffusion paths for all alloy constitutes.
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Figure 5.9 STEM-EELS elemental maps of C2N3 alloy after annealing at 600°C for 1 h. (a) STEM spectrum image and
elemental distribution maps; (b) a concentration profile along the white arrow in Ni map, and white circles indicate position
where is a Cr enriched particle.

A variation of the precipitates’ size and volume fraction in the annealed samples in the temperature
range from 500 to 600 °C was plotted in Figure 5.10. Both size and the volume fraction of precipitates
in the 500 °C annealed sample are rather low in comparison with samples treated at higher temperatures.
The mean grain size at this temperature is still close to that in the as-deformed alloy as shown in Figure
5.2 indicating a high density of grain boundaries, which contributes to the fast diffusion progress as
discussed above. In the 530 °C sample a higher volume fraction of all the precipitates is observed, more
than 25 %, which is attributed to the higher diffusion efficiency. However, mean size of the CoFe phase
is ~100 nm which is much larger than FCC grains and other precipitate as summarized in Figure 5.10

(a) and confirmed in Figure 5.6 (a) as well.
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Figure 5.10 Statistics on the precipitates of CoFe B2 phase, NiMn phase and carbides from the C2N3 alloy annealed from
500 to 600 °C. (a) equivalent diameter and (b) the volume fraction of each precipitate.

5.2.3 Characterization of precipitate structures

HRSTEM images were acquired for CoFe phase and NiMn phase of 530 °C sample and HRTEM
image was obtained for M;Cs type carbide in 600 °C sample, as shown in Figure 5.11. Figure 5.11 (a)
shows atomic resolution Z contrast HAADF STEM image of typical CoFe phase on [001] zone axis, which
indicates the atom configuration corresponding to the B2 structure, as clearly seen in the respective FFT
in Figure 5.11 (d). Due to close values of atomic scattering factors of Fe and Co (3.51 for Co and 3.54
for Fe at Bragg angle [281]), it is impossible to recognize atomic species based on the contrast. However,
a weak blurt superlattice reflection was found in the FFT indicated with yellow arrows. Later, a
converged beam electron diffraction (CBED) was collected from the CoFe phase confirmed it’'s a BCC
ordered structure. In addition, a calculation result demonstrates the lattice parameter of the B2 structure
is ~0.293 nm, slightly larger than the pure binary CoFe intermetallic (ICSD 44731 cubic Im-3m
structure, a=0.28845 nm [282]), which is related to the lattice distortion induced by the presence of
interstitial C atoms and substitutional Ni, Mn and Cr atoms. Figure 5.11 (b) illustrated the HAADF STEM
image of NiMn precipitate. In a standard binary Mn-Ni phase diagram [283], there is a chemically
ordered face-centered tetragonal (FCT) L1, structure (ICSD104916, tetragonal PAmmm, a = b = 0.261
nm, ¢ = 0.349 nm[284], as illustrated in Figure 5.11 (i)). However, Figure 5.11 (b) indicated a structure
containing multiple nanotwins with a width of ~10 atomic layers. Corresponding FFT in Figure 5.11 (e)
demonstrated a twinned FCC structure without chemical ordering, which is analogous to the result of
the CBED of the NiMn phase in Figure 5.11(h). TEM analysis on the lattice parameters (a= b= c=3.76
nm) shows there is no detectable compression of lattice parameter ¢, which suggests that the NiMn phase
is not the FCT L1, structure, but rather a disordered FCC structure. In agreement with local HRTEM and

CBED analysis above, the diffraction pattern of the 530°C sample reveals a broader ring near FCC {111}
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which is caused by the strong overlapping reflections of FCC matrix {111}, NiMn FCC phase {111} and
CoFe B2 phase {110}. Furthermore, HRTEM image shows the Cr-rich carbide at the FCC grain boundary
in Figure 5.11(c). The FFT of the carbide is detailed in Figure 5.11 (f) demonstrating a [-221] zone axis
of the M,Cs carbide. A perfect overlap of the (111) spot of the FCC grain with the (212) spots of carbide
indicates that the (111) planes of the FCC are exactly parallel to the (212) plane of the carbide as
illustrated in Figure 5.11(f). Therefore, the orientation relationship between both phases is as follows:

(111) pec // (212) mrcs.
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Figure 5.11 HRSTEM images of (a) a CoFe phase, (b) a NiMn phase in C2N3 alloy after annealing at 530 °C for 1 h . (c)
HRTEM image of carbide on the FCC grain boundary in C2N3 alloy after annealing at 600 °C for 1 h; (d) is the FFT of (a)
indexed with [001] zone axis; (e) is the FFT of (b) indexed with [-110] zone axis based on FCC structure; (f) is the FFT of
(c) showing an orientation relationship of (111) FCC // (212) M7C3;(g) and (h) are the CBED of (a) CoFe phase and (b)
NiMn phase, respectively; (i) shows the schematic of a chemically ordered NiMn FCT L1, structure.
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5.3 Discussion

5.3.1 The elemental segregation and formation of the precipitate after annealing

In the present Chapter 5, a carbon alloyed nanocrystalline FCC system HEA was isochronally
annealed at a series of temperatures. The results of the careful microstructural analyses illustrate the
decomposition of the nanocrystalline single-phase solid solution, grain boundary segregation formation
and new phases precipitation behavior. The annealing temperature ranges where particular phases are
stable were established and compared with the literature data for the equiatomic Cantor alloy. It was
established that after annealing at 500 °C for 1h the Cr, Ni and Mn atoms segregate at the grain
boundaries, as shown in Figure 5.3 and Figure 5.4. As discussed in Chapter 4, grain boundary C

segregations were revealed in HPT-processed samples.
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Figure 5.12 Temperature range of various phases precipitation in CoCrFeMnNi from literatures [172,196,280-284] and our
experimental C2N3 alloy.

Based on the available literature data for CoCrFeMnNi alloy [174,198,285-289], the precipitation
temperature intervals for all the detected phases are shown in Figure 5.12. In our as-deformed C2N3
alloy with a mean grain size of ~18 nm C segregations at the grain boundaries were found. Subsequent
anneal processing was performed in temperature range from 200 to 400 °C, and the microstructure
observation by TEM suggested the nanocrystallites with single FCC phase were stable without any new
phase formation. The low-temperature annealing has led to an intensification of C segregation on the
grain boundaries, which can be concluded from the comparison of Figure 4.10 and Figure 5.4. This
pronounced C segregation induced by tempering at low annealing temperatures may contribute to the

co-segregation of C and Cr in the sample annealed at 500 °C. In the study of Mantha et al. [201], non-
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equiatomic nanocrystalline CoCuFeMnNi alloy produced by HPT shows that prior to the formation of

the secondary phase, Cu, Ni and Co segregate and Fe and Mn deplete at the grain boundaries at low
annealing temperature of 250 °C, and new phases formed at 340 °C. Hence, this segregation and
precipitation behavior may also occur in this temperature range in our alloy despite of the different

constitutes.

When the C2N3 alloy is annealed at the intermediate annealing temperatures, such as at 500 °C, it
shows a significant co-segregation of Ni-Mn and C-Cr. Meanwhile, a small amount of CoFe B2 phase
with an equivalent diameter of ~ 20 nm in DB region and NiMn phase (or its precursor) with a size of
a few nanometers in the IDB region were found in the sample annealed at 500 °C as shown in Figure
5.3. This kind of nano-sized CoFe B2 phase was characterized using TEM, and it was also detected in
Cantor alloy in both coarse [198,287] and nano grained [174] states from 450 to 515°C (Figure 5.12).
Besides, the L1, structured NiMn phase was found in the coarse grained alloy after a long term annealing
in temperature range from 500 to 580 °C [198,287]. However, the NiMn phase in the nanocrystalline
Cantor alloy after annealing at 450 °C is identified as a FCC phase [174], which is analogous to our
results. Due to higher concentration of Cr (20 at. %) in Cantor alloy, the Cr-rich BCC phase formed in
the Cantor alloy during the annealing from 450 to 580 °C. And the Cr-enriched ¢ phase indicated a wide
formation temperature range of 515 to 700 °C. As a result of reducing Cr content and C addition in our
experimental alloy, Cr-rich BCC phase is not found during the anneal processing from 530 to 600 °C,
but a formation of numerous carbides was observed at the grain boundaries during the intermediate
temperature annealing instead. Yet, extremely small Cr-rich granules were also detected in the grain
interior in the alloy annealed at 600 °C, as illustrated in Figure 5.9, which could be Cr-rich BCC phase
according to the composition analysis. The temperature interval of the carbide formation in the C2 alloy
ranges from intermediate temperature (530 °C) to medium-high temperature (900 °C) [289], and at
temperature higher than 1000 °C, a single FCC solid solution remains, which is 200 °C higher than it

was observed in the Cantor alloy (Figure 5.12).
5.3.2 Elements segregation and new phase nucleation process during the annealing

It had been shown in literature that in the presence of carbon in the FCC matrix, as well as at the
grain boundaries, the diffusion mobility of some elements is significantly affected in Cantor alloy
[213,290,291]. Recently, Lukianova et. al [213,290] measured the tracer diffusion coefficients of C-
alloyed Cantor alloy in the temperature range from 1173 to 1373 K. They found that the diffusion rates
of all substitutional elements increase with the increasing content of C when the temperature was less
than 1300 K, which was explained by the elastic distortions induced by interstitially dissolved carbon.
Mn is the fastest isotope among all substitutional elements and Co and Ni are the slowest diffusing

elements at 1173 K [213]. However, according to Gaertner et al., below 1000 K Ni is not the slowest
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element in the C-free CoCrFeMnNi alloy [292]. These findings hint towards a necessity to distinguish

high-temperature and low-temperature diffusion behavior of alloying elements in CoCrFeMnNi alloy. In
our case, notable diffusion processes occurred in temperature range from 500 to 600 °C, i.e. at
temperatures which are much lower than these in the tracer diffusion experiments [213,290,291,293].
Hence, the diffusion coefficients and effective diffusion activation enthalpy of each substitutional
element may significantly differ from respective values measured at high temperature in single crystal
CoCrFeMnNi alloy. Furthermore, high density of defects present in the severely deformed alloy also
produces a significant effect on the diffusion progress. As such, the total grain boundary area drastically
increases by lowering the grain size. These boundaries can serve as fast diffusion pathways and represent
energetically preferred nucleation sites for precipitates with much faster precipitation kinetics than that
in coarse grained alloys where bulk diffusion prevails [174]. Hence, the diffusion coefficients measured
in microcrystalline materials for bulk diffusion conditions may be not relevant in the nanocrystalline
state and a much larger diffusivity mainly triggered by grain boundary diffusion should be expected.
That is why strong segregation of Ni, Cr and Mn at the grain boundaries (Figure 5.4) and even some tiny
nano particles or precursors of NiMn phase (Figure 5.3 (a)) were observed after anneal at 500°C, which
demonstrated that sluggish diffusion effect is not attributed for the C alloyed nanocrystalline

CoCrFeMnNi alloy.

In ref. [174], a Cr-rich particle was observed after 5 min annealing at 450 °C in the nanocrystalline
Cantor alloy produced by HPT. In contrast to this, some particles of CoFe phase were obviously detected
in the present investigation, whereas Cr was found to segregate at the grain boundaries without
formation of any Cr-containing precipitates after 500 °C anneal. This effect was obviously associated
with the fact that Cr is the strongest carbide-forming element among all the constitutive elements of the
Cantor alloy. Note that C segregations were already present at the grain boundaries and subsequent
anneal intensified the interstitial C segregation further. Hence, it is reasonable to conclude that Cr
segregation phenomenon in the 500 °C treated sample is mainly caused by the pre-segregation of C. As
can be found in Figure 5.3 (b) and Figure 5.4, there is a partitioning of elemental segregation at the
same grain boundary: Ni and Mn co-segregate together on one grain boundary segment, whereas Cr and
C on another segment (of the same grain boundary). This analysis confirms that in the same grain
boundary region, co-segregation of Ni and Mn prevails at positions where C and Cr are depleted while
the opposite behavior (co-depletion of Ni, Mn and segregation of Cr) takes place at other locations as

illustrated in Figure 5.4 (b) and (c).

This segregation behavior is analogous to the work of Li et al. [202], where a co-segregation of Cr,
Fe and Co at the grain boundaries near Ni and Mn co-segregation in the CoCrFeMnNi alloy with a small

addition of carbon after the isothermal treatments at 450 °C for 6-48 h was reported. It hints that Fe and
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Co may be the slowest diffusing elements in the nanocrystalline alloy at 500 °C. Subsequently, a strong

segregation of Cr, Ni and Mn at the grain boundaries and a depletion of Fe and Co in the same regions,
leads to an enrichment with Fe and Co in the grain cores. An uphill diffusion of Co and Fe concentration
towards the center of the grain is illustrated in Figure 5.6. Meanwhile, there is significant depletion of
Fe and Co at the grain boundaries. Therefore, we assume that the nucleation of CoFe ordered phase
might occur in the grain cores while carbides and NiMn phase precipitated at the grain boundaries,
especially at triple junctions. In a similar way, Gu et al. pointed out that the formation of long-range
ordered structure occurred in the grain cores in a 500 °C annealed Cantor alloy after cold rolling which

leaded to the abnormal hardening phenomenon [294].

To better understand the elemental segregation, solid solution depletion and new phase nucleation
in the HPT deformed sample, a schematic is provided in Figure 5.13. (i) As can be seen in the left image,
the as-deformed nanocrystalline sample shows the random distribution of all the constitutive elements
in the FCC matrix accompanied with C segregation at the grain boundaries. (ii) As discussed previously,
further C and Cr segregate on some grain boundaries when anneal temperature is going up to 500°C.
Meanwhile, co-segregation of Ni and Mn appear on other grain boundaries which are devoid of Cr and
C segregations due to the exclusive relationship. As a result of dramatic enrichment of Cr, Ni, Mn near
the grain boundaries, Fe and Co enrich in the grain interior leading to a compositional precursor state,
as shown in the middle image. (iii) With the longer anneal time or higher anneal temperature, the
nucleation of carbides and NiMn phase occurred at the grain boundaries while CoFe phase precipitates
in the FCC grains, which indicates a full decomposition of the original FCC solid solution. From Figure
5.3, it is obvious that the size of the CoFe phase particles is rather larger than that of the average FCC
grain. Also, the decomposition of FCC solid solution may contribute to the formation of the NiMn
precipitates and carbides on the grain boundaries during the CoFe phase formation, as displayed in the

right image.
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Figure 5.13 A schematic shows the progress of segregation, depletion and nucleation during the annealing process of C2N3
alloy from as-deformed state to the sample annealed at 530 °C for 1 h.

Subsequently, the grains continue to grow up at 560 °C to a mean grain size of ~90 nm, which is a
similar size to that of CoFe precipitates at this temperature. Nevertheless, the volume fraction of both
NiMn and CoFe phases dramatically decreases, as shown in Figure 5.10 (b). Additionally, Egorushkin et
al. [284] point out that the NiMn phase is stable only below 665 °C in FeMnNi alloy system and CoFe
B2 phase forms near the equiatomic composition in binary Fe-Co system approximately below 730 °C
[282]. Grain boundaries are usually regions of high disorder owing to their reduced atomic coordination
and complex structure. It is known that the high dislocation density [274] and vacancies [261] also
contribute to the diffusion of both interstitial and substitutional elements, however, these important
paths for diffusion become essentially limited because of the FCC structure recrystallization and
dislocation recovery at the elevated temperatures. Hence, we believe that the phase equilibrium status
has been represented in the sample annealed at 560 °C for 1 h under the assistance of the high-density
defects. In the 560 °C processed sample, the volume fractions of NiMn and CoFe phase are ~ 0.3 % and
~ 6 %, respectively, which implies low ability of precipitation of these second phases at 560 °C in the
experimental alloy. The phenomenon is much more pronounced in 600 °C heat treated sample in
agreement with [59,61] that NiMn and CoFe phases cannot be observed any more at 600 °C. Massive
carbides can be observed on the FCC grain boundaries and in triple junctions, as represented in Figure
5.9. According to the equilibrium phase diagrams constructed using the Thermo-Calc software [12],
M23C7/M;Cs carbide formation temperature is up to 1000 °C in the studied alloy. So, it is reasonable that
carbides remain in the 600 °C sample. Furthermore, it is worth to mention that there is still Ni and Mn
co-segregation on the grain boundaries in the 600 °C sample as displayed in Figure 5.9 (b). This may

imply the alloy annealed after 600 °C is still not in the phase equilibrium state.
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5.4 Conclusions

In conclusion, phase decomposition in nanocrystalline Co:Cro 2sFe;Mn:Ni; alloy with addition of 2at.
% carbon obtained through HPT was studied systematically using TEM and APT characterization under

a sequence of temperatures. The main conclusions from the present Chapter are as follows:

i) Formation of grain boundary segregations of Ni, Mn, and Cr, and intensification of present
in the as-deformed state carbon segregations was revealed after annealing at 500 °C. Upon
that it appeared that Ni and Mn co-segregate together in some areas of a grain boundary

whereas Cr and C also co-segregate together in other areas of the same grain boundary.

ii) The nucleation of NiMn FCC phase occurred at grain boundaries in the sample heat treated
at 500 °C and Cr-rich carbides were found at grain boundaries after annealing at 530 °C.

Whereas in the grain interior a precipitation of the CoFe B2 phase was observed.

iii) The chemical inhomogeneity induced by dendritic structure in as-casted state leads to a
heterogeneous precipitation phenomenon in the temperature range from 500 to 560 °C.
CoFe phase is not observed in IDB region throughout the whole annealing process due to
the low concentrations of Fe and Co in the domains. Whereas, both CoFe and NiMn phase

formed in DB regions as balanced contents of metallic elements.

iv) In the 600 °C heat treated sample, carbides still exist, however, no CoFe B2 or NiMn FCC
phase were found. This indicates the temperature range of the thermodynamic stability of

these phases.

89



6 Mechanical properties of nanocrystalline carbon alloyed high entropy alloys

6.1 Materials and experimental methods

Vickers micro-hardness was measured with a load of 500 g with a dwell time of 10s on the polished
surface of the samples using Buehler Micromet-5104 device. The distance between indents was
maintained at a constant value of 0.5 mm. For CxN3 alloys, four series of measurements along the HPT
disc diameters were conducted for each sample after HPT processing. For annealed samples, at least 10
points were measured and averaged in saturation regions where an equivalent strain was larger than

~60 (r>4 mm).

Tensile tests were performed at RT at a strain rate of 103 s

using a custom-built computer
controlled micro-tensile stage equipped with a high-precision laser extensometer P-50 by Fiedler
Optoelectronics. For precise elongation measurements, the specimens were marked with TiO, paint
using an airbrush. The tensile specimens were cut out from the HPT disks after heat treatments with a
gauge length of 3 mm and a square cross-section of ~0.6 mm?. At least three samples for each state
were pulled to fracture to obtain statistically reliable results. The detailed sample size and painting

demonstration were shown Figure 3.13 in Chapter 3.

6.2 Results

6.2.1 Mechanical properties of HPT deformed nanocrystalline HEAs with carbon additions

Figure 6.1 (a-c) shows the hardness variation along the radius of the HPT processed HEA samples
with the different C content after 0.5, 1 and 3 rotations. The corresponding von Mises equivalent strain
is also indicated in (c). The hardness of the C2 sample after HPT processing through different numbers
of turns is shown in Figure 6.1 (a) in comparison with the initial hardness of the as-cast state (dashed
line). A large gradient of the hardness occurs along the disk radius in all samples. After 0.5 turn, the
hardness gradually increases from ~340 HV in the center to ~620 HV at the periphery. With increasing
number of rotations, the hardness in the center becomes higher, and its increase along the radius
becomes steeper until it reaches the saturation at ~620 HV. In the sample after three rotations, the
hardness saturation is observed at the distance of 1.5 mm from the center. The hardness saturation most
likely indicates achieving a stable (minimum upon these conditions) grain size. Similar behavior was
observed in the CO and CO.5 samples. It is apparent that an increase in the C content leads to a higher
hardness of the studied HEAs in Figure 6.1 (b), however the overall appearance of the hardness
distribution along the HPT-sample diameter with a drop in the center and the hardness saturation
towards the periphery of the disk is very similar for all three alloy compositions. Figure 6.1 (c) shows
the variations of the hardness values with Von Mises equivalent strain for the CO and C2 samples. It

confirms that the saturation occurs at the equivalent strain higher than 20 in both alloys. As can be seen
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in Figure 6.1 (d), a direct comparison of the hardness variation of C2N3 alloy deformed at RT and LNT.

The hardness showed a significant increase from the HPT disc center to the area with saturated value of
~630 HV. Meanwhile, both samples exhibit a saturation at a radius of about 3 mm which corresponds
to an equivalent strain of ~40, which likely indicates the grain size and defects density are at the same

level in both samples.
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Figure 6.1 The variation of Vickers microhardness along the HPT samples’ diameter for (a) C2Ny alloys; (b) CxN3 alloys;
(c) Hardness evolution of CO and C2 samples as a function of Von Mises equivalent strain, the hardness evolution of C0.5
alloy is not shown here because of the plots overlapping, but it has the same tendency; (d) hardness of C2N3 alloy processed
by HPT at RT (293 K) and at cryogenic temperature (77 K).

Figure 6.2 shows representative tensile stress-strain curves for the as-cast and HPT-processed alloys
with different C contents at RT. The coarse-grained alloys exhibit a considerable uniform elongation and
high ultimate strength as a result of planar slip, high frictional stress and dynamic Hall-Petch effect,
similarly to other FCC structured HEAs [8,9,12]. Figure 6.2 (b) shows stress-strain curves of the samples
with different C content processed by three HPT turns. The HPT-processed samples show remarkably
high strength at the expense of ductility (typical for cold-worked alloys) comparing with the as-cast
states. The CON3 alloy still shows a reasonable ductility with the elongation to failure of ~ 8 %. The

CO0.5N3 state demonstrates similar behavior. On the other hand, the C2N3 samples show almost brittle
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fracture with negligibly small ductility and ultra-high fracture strength of ~2.4 GPa. The tensile

mechanical properties of the CxN3 alloys are summarized in Table 6.1
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Figure 6.2 The tensile stress-strain curves of the studied alloys: (a) as-cast state; (b) CxN3 alloys.

Table 6.1 Mechanical properties of the as-casted and CxN3 alloys: yield strength (YS), ultimate tensile strength (UTS),
uniform strain (gu), strain at fracture (&) and Vickers hardness.

C content at. % State YS, MPa UTS, MPa &4, % &, % Hardness,
HV
0 As-cast 181 451 43.3 44.4 129
N3 1667 1912 2.6 7.4 490
0.5 As-cast 190 468 33.2 35.4 144
N3 1898 2141 2.1 5.7 550
2 As-cast 291 605 37.8 39.5 190
N3 2402%* - - 0.16 640

*Fracture occurred before the yield point.

The fracture morphology of CxN3 alloys after HPT and tensile testing are shown in Figure 6.3. Deep
large dimples form usually on the surface of the Cantor type alloys in the as-cast or coarse-grained
conditions thereby indicating a ductile fracture behavior [12,295]. Meanwhile, the HPT processed alloys
also do not indicate obvious brittle fracture characteristics. Fine dimples are densely distributed on the
fracture surfaces of the CON3 and C0.5N3 alloys (Figure 6.3 (a) and (b)), which is corresponding to low
ductility shown in Figure 6.3 (b) and Table 6.1. The dimples size of these two alloys is almost the same,
ranging from tens to hundreds of nanometers that is considerably larger than the grain size. However,
in the C2N3 alloy the “dimples” are much larger than in the other two alloys. The characteristics of the
fracture surface in the C2N3 alloy can be characterized “vein pattern” which is typical of bulk metallic

glasses [296,297]. The mechanisms responsible for the two types fracture morphology are different, as
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will be discussed below. Additionally, some deformed “micro-cracks” surrounded by fine dimples are

found on all the fracture surfaces. The CON3 and C0.5N3 alloys show wider cracks in comparison with
the C2N3 alloy due to their better ductility. Investigations of cross-sections of as-deformed specimens
revealed that these cracks look like thin and elongated ellipsoid shaped voids. Presumably, they were
formed already during the HPT processing around oxides and sulfides inclusions, fractured into fine

particles.

Figure 6.3 Fracture morphology of tensile samples of CON3 (a), C0.5N3 (b) and C2N3 (c) alloys. Scale bars indicate 1 pum.

6.2.2 Mechanical properties of annealed nanocrystalline 2 at. % C-HEAs

Figure 6.4 shows the mechanical properties of 2 at. % carbon alloyed nanocrystalline HEAs after
heat treatments in the temperature range from 200 to 600°C. The Vickers microhardness was measured
around the HPT-samples periphery with a saturated microstructure. As demonstrated in Figure 6.4 (a),
the results suggested that the hardness of the nanocrystalline C-HEA increases slightly up to 720 HV
after annealing at 500 °C and then decreases rapidly with increasing annealing temperatures up to 600
°C. Representative plots of engineering stress against engineering strain curves are shown in Figure 6.4
(b). In order to compare the tensile properties, tensile curve of the as-HPT sample is also presented
together with these of annealed ones. After an inspection, the yield strengths of the annealed samples
indicate a slight increase up to ~2.4 GPa of 500 °C sample, which is analogous to the results of
microhardness. Later, yield strength drops after 530 °C. Also, note that the 530 °C sample fractured
before the yield point and broke into three pieces without any plastic deformation (see the inserted

image in Figure 6.4 (b)), which indicates a completely brittle fracture.
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Figure 6.4 Mechanical properties of nanocrystalline 2 at. % C-HEAs after annealing process from 200 to 600 °C: (a)
dependence of Vickers hardness on heat treatments temperatures; (b) engineering strain-stress curves.

Table 6.2 Mechanical properties of annealed C2 alloys: Y, fracture strain (gr) and Vickers hardness

Anneal Hardness Hardness YS Ratio: Fracture strain, &
temperatures (Hv) (GPa) (GPa) Hardness (%)
°C (GPa)/YS(
GPa)
0 640(7.5) 6.28 2.09(0.06) * 3.00 0
200 682(19.3) 6.69 2.31(0.06) 2.89 1.34
500 730(4.1) 7.16 2.44(0.01) 2.93 1.03
530 692(8.6) 6.79 1.76(0.1) * 3.85 0
560 564(5.2) 5.53 1.90(0.03) 291 4.10
600 460(3.2) 4.51 1.41(0.06) 3.12 7.05

*Fracture occurred before the yield point; values in bracket indicate deviations.

Figure 6.5 represents the fracture surface morphologies of the anneal samples after tensile tests. As
shown in Figure 6.5 (a), the fractography of the 200 °C sample demonstrated a similar appearance to
that of as-deformed sample, the vein pattern-like dimples implying that both samples have a same
fracture mode. Additionally, the fracture morphology of the 500 °C sample in Figure 6.5 (b) showed a
dominantly dimpled fracture surface caused by a mixture of submicron-dimples and fine ridges
coalescence. However, the completely brittle fracture behavior in the 530 °C sample occurred illustrating
a quasi-cleavage feature shown in Figure 6.5 (c). It presented the particle-like granules and the granule
sizes are close to the precipitates size in Figure 5.5 in Chapter 5 indicating a precipitate induced brittle
fracture. Figure 6.5 (d) showed the trench-like dimples mixing the submicron dimples in the 560 °C
sample, furthermore, inside the dimples, some particles were detected which may act as the initiation
sites for these voids. Last, the fracture surface of the 600 °C sample exhibited equiaxed dimples with
submicron size indicating a typical ductile-fracture mode. Similar, the particles, mainly carbides, were

found in some of the dimples.
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Figure 6.5 Fracture surface morphology of the samples annealed at (a) 200 °C, (b) 500 °C, (c) 530 °C, (d) 560 °C and (e) 600
°C.

6.3 Discussion

6.3.1 Strengthening mechanisms in nanostructured CxN3 HEAs

The mechanical properties at both RT and LNT of as-cast high entropy alloys under investigation
with different C content have been discussed earlier in [12]. A significant increase of strength with
increasing C content has been demonstrated. C doping contributes to the solid solution strengthening
due to increased lattice friction stress. When comparing our results on mechanical behavior of as-cast
CoCrFeMnNiCx alloys [18], one should keep in mind that in our case the tensile tests have been
performed using miniature specimens with a gauge length of 3 mm and the cross-section area of 0.6
mm? which means that just several grains present in the sample cross section. It is known that the
dimensions of tensile specimens can influence the resulting mechanical properties especially in respect

of uniform elongation.

In this study, we focus mainly on the alloys processed by HPT for three turns. HPT resulted in a
dramatic decrease of the alloys grain size down to nanometer-range. Mean grain size of the
microstructure formed after three HPT turns was 47, 29 and 18 nm, in samples with the C content of O,
0.5 and 2 at. %, respectively. There is a general agreement that for materials with such a small grain
sizes dislocation slip becomes less important and even ceases to operate. Indeed, if we calculate the
contributions of all hardening mechanisms based on dislocation slip (Hall-Petch grain boundary
strengthening, strengthening due to stored dislocations and solid solution strengthening) we obtain

unrealistically high strength values.
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Grain refinement is one of the reason for governing strength of polycrystalline materials, where the

strengthening can be described in terms of the empirical Hall-Petch relation using equation (1.3)
[19,20]. We used a coefficient & = 0.494 MPa-m'/? obtained for a coarse-grained Cantor alloy [9]. The
respective Hall-Petch contributions for the three alloys are summarized in Figure 6.6. The contribution

of stored dislocations to the yield strength can be obtained from the Taylor equation[298] :

OTaylor = MTallb\/E (6.1)

where Mr is 3.06, the Taylor factor meaning orientation factor for FCC polycrystalline matrix, « is a
constant equal to 0.2 for FCC alloys, u is the shear modulus, here we use the modulus of Cantor alloy
for this calculation [299], b is the magnitude of Burgers vector and p is the dislocation density [300].

Again, the calculated contributions are presented in Figure 6.6.

C atoms in solid solution contribute to the frictional stress of the alloy, and solid solution

strengthening can be calculated as proposed in Refs. [301,302]:

Acgs = fG(ca?8%)?/3 (6.2)
_ Qo—Qint
T (1-0)ag (6.3)

where the fis dimensionless parameter, cis the concentration of C, ¢ describes the lattice mismatch, and
a is a dimensionless parameter that describes the type of dislocations, which is 3~16 for screw
dislocations, and > 16 for edge dislocations, here we use a=16, a is the lattice constant of the CO alloy,
and ai is the lattice constant of the C containing alloys. The C solid solution strengthening is ~1 MPa
and ~85 MPa for C0.5N3 and C2N3 alloys, respectively, which is comparable with the experimental
values of 9 MPa and 110 MPa obtained from the measured yield strength of the as-cast alloys (Table
6.1).

Furthermore, C segregation at GBs of nano-grains revealed in C2N3 alloy likely also contributes to
the increased yield strength. Meanwhile, published studies show that that GB segregation, formed during
SPD in some alloys, provide an additional strengthening mechanism. For example, in related work, Mo
atoms segregating on GBs in nano-structured Ni-Mo alloy contributed to ultrahigh hardness and
increased GB stability [303]; Mo, Si and Cr segregated on GBs in UFG 316 steel were produced by HPT
at 400 °C while the segregation was not detected at RT and the segregation provided the comparable
strength to that of RT processed alloy [304]; Xu et.al reported that ultrahigh strength with stable
nanostructures was achieved in Al alloys with deformation-induced GB segregation of Cu [305]. Bobylev
et al. proposed a model to explain the enhanced strength of UFG Al alloys provided by Mg segregation.

In this model, segregated Mg atoms were treated as homogeneous ellipsoidal inclusions acting as the
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sources of elastic stresses affecting the emission of lattice dislocations from GBs [306]. It is plausible that

in the present study, the interstitial C atoms segregating on GBs in the C2N3 alloy provided extra strength
comparing with that of the CO alloy after HPT processing, however, it is difficult to estimate this effect

as the physical mechanisms behind it are still not clear.

Finally, the calculated grain boundaries strengthening, dislocation strengthening contributions in
comparison with experimentally measured yield strengths are shown in Figure 6.6. The solid solution
strengthening is not shown due to its small value. It is clearly seen that GB strengthening alone is already
higher than the experimentally measured yield strength in all three HPT-processed alloys. These results
indicate that the values of grain boundary strengthening obtained using the Hall-Petch equation are
overestimated, and a deviation from the Hall-Petch law is observed in nanocrystalline C-doped
CoCrFeMnNi alloys. Such deviations are well documented in literature for many pure nanocrystalline
metals because Hall-Petch coefficient of bulk nano-crystalline alloys is anticipated to be smaller than
that in coarse grained alloys and finally the inverse Hall-Petch was observed with the grain size deceasing
to a few nanometers grain size [182,307-309]. For instance, in pure copper at the grain size below
10nm, the flow stress decreases sharply with decreasing grain size while increases for grain sizes larger
than 15 nm, which indicates nanocrystalline copper has a strongest grain size effect at of 10-15 nm
[307]. Furthermore, the inverse Hall-Petch relationship for a nanocrystalline FeNiCrCoCu HEA was
predicted recently using molecular dynamics simulations [310]. In our case, the yield strength of the
studied alloys after three rotations keeps increasing with increasing C content while the grain size

decreases from 45 to 18 nm.

The dislocation strengthening contribution is around 0.8 GPa in the CON3 alloy, approximately half
of the measured yield strength, which is common in SPD processed HEAs [250]. The dislocation
strengthening of the C0.5N3 and C2N3 alloys achieved 1.6GPa and 3.3GPa, respectively. Especially, the
calculated dislocation strengthening in the C2N3 alloy is even higher than its experimental yield strength
which points towards the operation of totally different strengthening mechanisms than the conventional

Taylor and Hall-Petch ones.

In the interstitial HEAs with the fine, micron-scaled grains, GBs provide the major contribution to
the strength as they serve as effective obstacles for dislocation slip [289,311]. The estimations made in
this work demonstrate that in nanostructured HEAs dislocation slip and grain boundary strengthening
become less important. The smaller is the grain size, the larger is the discrepancy between the calculated
and experimental yield strength values, that means the less dislocation slip contributed to plasticity.
However, we still observe the higher YS for smaller grain size and not the opposite as it is expected from

the inverse Hall-Petch relationship.
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Figure 6.6 The estimated contribution of GBs and dislocation strengthening to the yield strength and corresponding measured
values.

Obviously, C plays an important role in hardening in both the as-cast and HPT-processed alloys. For
the as-cast alloys, the mechanical properties were mostly affected by the C concentration in the solid
solution. For nanocrystalline alloys, impact of C alloying on mechanical behavior is more complicated.
Generally, the plastic deformation of polycrystalline alloys is dominated by dislocation pile-ups. As the
grain size is decreased, the number of dislocations piled up against a grain boundary decreases since this
number is a function of applied stress and of the distance to the source [182]. As it has been already
mentioned, for nanocrystalline materials, an additional plasticity mechanism has been proposed to
operate: grain-boundary sliding [312]. In the CON3 alloy, relatively large grain size (45 nm) and
relatively low dislocation density (0.57x10' m2) provided the possibility of dislocation pile-up during
the plastic deformation. As a result, the CON3 alloy presents some uniform elongation of 3.8 % and 8 %
elongation to fracture which correlates well with the fracture surface shown in Figure 6.5 (a). The
CO0.5N3 alloy exhibited a similar tendency: the pile-ups formation is restricted by the higher dislocation
density (1.85x10'® m?) and smaller grain size (29 nm), which leaded to a lower ductility and higher
strength comparing with the CON3 alloy, and probably to the emergence of grain boundary sliding. From
the morphology of fracture surfaces in Figure 6.5 (a, b) these two alloys indicated the same ductile
fracture condition. The formations of fine dimples may occur via the following steps: at the early stages
of deformation, dislocations are emitted from GBs under the influence of applied stress, when
intragranular slip is coupled with unaccommodated grain boundary sliding to facilitate voids formation

at the GBs; triple junction voids and wedge cracks can also result from grain boundary sliding if resulting
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displacements at the boundary are not accommodated by diffusional or power law creep. These voids

can grow and partially relieve the constraints on a small group of grains, individual single-crystal

ligaments so created deform extensively and finally experience the failure to dimples [312].

Nevertheless, the situation in the C2N3 alloy is completely different, as this alloy exhibits different
deformation and fracture behavior. Brittle fracture without any yielding or any evidences of plastic
deformation was not detected in Figure 6.2. A very small grain size and the ultra-high dislocation density
(8.26x10' m2) preclude the formation of pile-ups formation and planar slip; deformation twinning is
also suppressed in the fine-grained Cantor alloy [313]. Thus, the only possible way to induce plasticity
is GB sliding. However, grain boundaries in this alloy are decorated with C segregation. On the one
hand, C segregation enhances GB cohesion [314,315], on the other hand, they simultaneously retard
grain boundary sliding which leads to high fracture strength but brittle fracture in the C2N3 sample.
Focusing on the fracture surface morphology (Figure 6.5(c)), the vein patterns, which are typically
observed in bulk metallic glasses, appear on the fracture surface of C2N3 sample. The overall appearance
of the pattern is analogous to the fracture features formed by the separation of grease between two solid
plates [316]. The origin responsible for the pattern formation could be largely attributed to shear-
induced structural disordering or temperature rise caused by elastic energy release in the final fracture
stage [297]. High levels of tensile stresses in the crack tip lead to local dilatation and hence blunting
through nonlinear viscous flow [317]. The relaxation structure which reduced the available free volume
increases the relaxation time, and in turn leads to embrittlement as crack-tip stress mitigation through

viscous flow becomes less viable [318-320].

Talking into account similar grain size distributions, we assume the yield strengths of C2N3 samples
under RT and LNT conditions could be comparable. In this study, we confirmed that RT alloy
demonstrated remarkably high yield strength of ~2.4 GPa, but zero ductility, which we attributed to
carbon segregations on GBs. We argued that as grain boundary sliding is a main deformation mechanism
in such nanostructured alloys, and GBs are decorated with C segregations, GB sliding is retarded in RT
alloy, leading to brittle behavior in tensile test. One can expect that reduced carbon segregation to grain

boundaries in LNT alloy may lead to a reasonable ductility in LNT sample.
6.3.2 Heat treatments effect on strengthening of C2N3 HEA

As discussed above, UFG or nano-grained alloys achieved by SPD processing usually show
significant strength improvement, however, normally with a considerable sacrifice of ductility, e.g. Ti
[321]. Despite the success in achieving a highly-refined microstructure, it is readily apparent from Figure

6.4 that the tensile properties of the HPT-processed specimens are not satisfactory when testing at RT.
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Accordingly, heat treatments of nanocrystalline C-HEA are necessary for improving the ductility. The

dependence of mechanical properties, anneal temperature and grain size are summarized in Figure 6.7.

Remarkably, the results show a slight hardening after annealing in temperature range from 200 to
500 °C in Figure 6.4. Schuh et al. believed that the annealing-induced hardening occurred at a relatively
low temperature and the hardening behavior is mainly attributed to the formation of a nanostructured
multiphase microstructure in the HPT processed Cantor alloy matrix [174]. This could be a reasonable
explanation for the sample treated at 450 °C which reached the maximum of the hardness (500 °C in
Figure 6.7). Later, Shahmir et al. studied annealing effect on mechanical properties of a nanocrystalline
Cantor alloy and they also thought that high strength of the sample annealed from 200 to 500 °C was
attributed to the newly formed precipitates providing the strengthening [173]. However, the strength
continuously slightly increased from 200 to 500 °C range in our case, in which no new phases nucleation
occurred. The microstructure observations in Chapter 5 confirmed that the primary precipitation
behavior was observed in the 500 °C sample which demonstrates the highest hardness. Meanwhile, even
large volume fraction of precipitates was found in 530 °C sample (Figure 5.10), which is already
softened. Therefore, the strengthening cannot be exclusively explained by precipitation. One other
mechanism that can contribute to strengthening in the low temperature range is a reduction of the
dislocation density upon annealing [212,322,323]. The nanocrystalline structure provides a large
fraction of grain boundaries that can absorb dislocations during annealing. According to the results of
annealing on HPT processed CoCrNi MEA [323], the decrease in dislocation density without significant
change in grain size indicates that only dislocation recovery has taken place. This may lead to an increase
in the stress required to activate new dislocation sources during straining. The reduced number of
dislocation sources after annealing is speculated to be one of the reasons for annealing-induced
hardening [212]. With such a high dislocation density as in C2N3 alloy (8.26x10'® m2 in Table 4.2), the
dislocation recovery and the non-equilibrium grain boundary relaxation may occur with the low energy

barrier.

It should be noted that the significant segregation of alloy constituents at the grain boundaries
occurred in C2N3 alloy after 500 °C treatment. Segregation strengthening mechanism has been proposed
in SPD processed alloys, such as Al-Cu alloy [305], austenitic steels [304], Ni-Mo alloy [303]. This
mechanism may be applicable in our case as well. In the 500 °C sample, Ni-Mn and C-Cr co-segregations
are found at the grain boundaries shown in Figure 5.4 in Chapter 5. This segregation to grain boundaries
in nano-grained C-HEA stabilizes the microstructure from coarsening, perhaps resulting in substantial
hardening. Furthermore, C as an interstitial, can diffuse at relatively low temperatures 150~200 °C in
steels [324], especially at the presence of high density of dislocations and grain boundaries, which

significantly contribute to the diffusion progress. As can be seen in Figure 6.7, the sample after 500 °C
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annealing contains a negligible precipitate fraction but demonstrates highest strength. Thus, it is

considered that the increase of strength in the samples annealed from 200 to 500 °C may be related to
the presence of grain boundary segregations. As we discussed in former subsection, grain boundaries are
decorated with segregations while the grain interior may still keep a relatively high level of dislocation
density in the C2N3 alloy. These factors can significantly suppress the grain boundary sliding which

contribute to high strength but less ductility.

With an increase annealing temperature to 530 °C, numerous precipitates formed at the grain
boundaries with a significantly destructive effect leading to a brittle fracture, as shown in Figure 6.5 (c).
Subsequently, the sample annealed at 560 °C shows a reduced strength comparing with sample annealed
at 530 °C. This is mainly attributed to the grain growth and decrease of volume fraction of the
precipitates as can be seen in Figure 6.7. Apart from this, the decrease of the volume fraction of the
precipitates is also helpful to regain the ductility, however, it is the still remarkably limited due to
presence of the large size particles at grain boundaries. In the 600 °C annealed sample, both acceptable
ductility and high strength were obtained in the nanocrystalline C-HEA and the strength of the alloy may
obey the classic Hall-Petch relationship again, although the hardening coefficient is larger than that of
the Cantor alloy [9]. The nano-duplex structure is demonstrated in the sample annealed at 600 °C shown
in Figure 5.9, with roughly 91 % FCC phase grains and around 9 % M,Cs carbide at the grain boundary.
Hence, the yield strength can be represented in terms of the rule of mixture, using the following equation

[325,326]:
oy = fucoy'© + frccon ¢ 6.4)

where fand oy denote the fraction and yield strength of the duplex microstructure of the sample
annealed at 600 °C. The yield strength of the FCC phase can be evaluate using equation (1.3) whereas
the strength of M;Cs carbide is around 6.3 GPa [327]. As a consequence, the yield strength calculated
with equation (6.4) can be roughly estimated to be 1.43 GPa, which is close to the experimental value
of 1.41GPa shown in Table 6.2. The typical Hall-Petch relationship may not be applicable in present
alloy throughout the entire anneal experiments as there are more factors, such as dislocation density,
precipitation, grain boundary segregations. Therefore, the nature of the strengthening mechanism of the
samples could be more complicated under the condition of behaviors of the impact factors mentioned

before in the sample annealed at the intermediate temperatures.
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Figure 6.7 The dependence of hardness, yield strength and precipitates fraction via anneal temperature and grain size.
6.4 Conclusions

In this Chapter, hardness and tensile properties of the HPT-processed and subsequently annealed

CxN3 samples were analyzed. The findings can be summarized as follows:

i) In the CxN3 alloys, the contribution of the conventional strengthening mechanism, such as
grain size and dislocation strengthening via Hall-Petch and Taylor relationships, do not
explain properly the overall strength of all studied nanocrystalline alloys. The deviation
between experimental and calculated data increases with decreasing grain size and

increasing C content suggest that the classic approach is not applicable.

ii) The mechanical behavior can be mainly attributed to the nano-grain size, high dislocation
density and C segregating on the boundaries of nanograins, which lead to very high strength
of 2.4 GPa but zero ductility in C2N3 alloy, and to a transition of fracture mechanism from

ductile to brittle.

iii) In the annealed C2N3 samples, the hardness and yield strength slightly increase after anneal
in the temperature range from 200 to 500 °C. This abnormal strengthening may be
attributed to the recovery of dislocations, segregation and perhaps formation of ordered

structure in the FCC matrix.
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iv) Formation of numerous precipitates at 530 °C led to a brittle fracture. Subsequently, the
alloy annealed at 560 °C exhibits a better balance of strength and ductility due to a grain
growth and reduced fraction of precipitates. Finally, the 600 °C heat treated alloy shows
high strength and resealable ductility attributed to the large grain size and the absence of

embrittlement phases.

103



7  Summary and outlook

7.1  Summary

In this thesis, CoiCro2sFeiMniNi; high entropy alloys with 0, 0.5 and 2 at. % C addition were
processed by high pressure torsion. Nanocrystalline HEAs were successfully obtained by means of severe
plastic deformation. After obtaining nanocrystalline HEAs, the mechanical properties were studied via
microhardness and tensile tests while the corresponding microstructures were investigated using various
techniques including conventional and analytic electron microscopy, atom probe tomography and XRD
analysis. In addition, thermal stability and mechanical properties of the 2 at. % C alloyed nanocrystalline

HEA were investigated as above.

As discussed in Chapter 4 that C interstitials facilitate an increase in dislocation density and grain
refinement during high-pressure torsion processing in the C-alloyed (0, 0.5 and 2 at. %)
Co1Cro.2sFeiMn;Ni; alloys. The grain sizes are reduced with increasing with C content after three HPT
turns. Meanwhile, the dislocation density significant increases by more than 100 times with increasing
of carbon content from 0 to 2 at.% in the alloy. The deformation mechanisms responsible for
microstructure refinement involved deformation twinning and dislocation slip. It appears that the
carbides were dissolved during the high-pressure torsion processing. In turn, after three rotations of
high-pressure torsion segregation of C at the nanograin boundaries was detected by APT. The

segregation of C was suggested to result in finer grains in the C-doped alloys due to a pinning effect.

In Chapter 5, the anneal were performed in 2 at. % C added nanocrystalline alloy in the temperature
range from 200 to 600 °C. It was established that the alloy keeps a single FCC structure without any
recrystallization or decomposition up to 400 °C. The grains start to grow around 530 °C, however, some
decomposition and precipitation were observed at 500 °C before recrystallization. It was found that co-
segregation of Ni and Mn at some grain boundaries and co-segregation Cr and C at other grain
boundaries are observed in the sample heat treated at 500 °C. CoFe B2 phase, NiMn FCC phase and
M;Cs carbide were identified by electron microscopy in samples annealed in the temperature range from
530 to 600 °C. The mechanism of the phase decomposition and nucleation of the precipitates were
tackled in Chapter 5. It was proposed that carbides formed at the grain boundaries due to the co-
segregations of C and Cr, in similar way as NiMn FCC phase. CoFe B2 phase formation is related to the

full FCC grain decomposition.

The mechanical properties of the as-HPT-processed samples and the annealed samples were
measured using tensile and microhardness tests as described in Chapter 6. In the samples after 3 turns
of HPT (CxN3), the contribution of the conventional strengthening mechanism, such as grain size and

dislocation strengthening via Hall-Petch and Taylor relationships, do not explain properly the overall
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strength of all studied nanocrystalline alloys due to the extremely small grain size and the ultra-high

dislocation density. The brittle fracture of the C2-alloy after HPT with 3 turns (C2N3) is mainly due to
the high dislocation density and the grain boundary C segregation. In the annealed C2N3 samples, the
hardness and yield strength slightly increase after annealing in the temperature range from 200 to 500
°C. This abnormal strengthening may be attributed to the recovery of dislocations, segregation and
perhaps formation of ordered structure in FCC matrix. The Hall-Petch relationship is still hardly

applicable for the annealed alloys due to the complex factors mentioned above.

7.2 Outlook

Despite a relationship of the microstructure and mechanical properties of the C-alloyed
nanocrystalline HEAs have been revealed in the present dissertation, some aspects presented in this work

still have not been fully clarified and are worth of a deeper investigation based on further experiments.

In Chapter 4, the proposed C segregation at grain boundaries is assumed based on the concentration
fluctuation distance and grain size. However, it is still a challenge to directly observe the segregation
because of the small grain size in the C2N3 alloy. Combining TEM and APT measurements would be an
option for the determination, with a premise of successful preparing a needle sample with a diameter
less than 30 nm. In addition, it was proposed that the source for the C segregation is provided by the
dissolution of carbides, which were present in the as-cast alloy. An alloy after high temperature
homogenization followed by water quenching is helpful to verify if the C segregation would appear from
the interstitial solid solution. In Chapter 5, the annealing experiments were performed with the HPT disc
to understand the segregation behaviors, FCC phase decomposition and nucleation of the precipitates.
Apart from the conventional experiments, in-situ TEM annealing would be a perfect method to reveal
the nature of the segregation and precipitation processes. Besides, chemically ordered CoFe B2 phase
can be characterized by atomic resolution EDX. With the help of high precision XRD, the carbon solubility
in the FCC solid solution can be analyzed during annealing at each temperature to better understand
the source of carbon atoms for the carbide formation. In Chapter 6, mechanical properties of all
examined alloys were measured. However, due to the complex microstructures of the annealed alloys,
the contributions of the hardening mechanism are still not clear. Further work on the mechanical

properties may be helpful to clarify the strengthening mechanism of the annealed samples.

All of these findings will help us to unravel the fundamentals of the mechanical properties and
thermal stability of the nanocrystalline FCC HEAs, which could provide guidance for further alloy design,

processing and application.
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