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A B S T R A C T   

A non-equiatomic interstitial-strengthened high entropy alloy (iHEA), Fe49.5Mn30Co10Cr10C0.5 (at.%), is manu-
factured by laser powder-bed fusion (LPBF) with stripe and chessboard scanning strategies. The present study 
highlights the correlation between the laser scanning strategies with resulting microstructure, textures, and 
anisotropic mechanical properties in as-built iHEA. The results show that the LPBF processed iHEA exhibits an 
excellent strength-ductility synergy due to the combined deformation mechanisms of dislocation slip, martensite 
phase transformation- and nano twinning-induced plasticity. The samples printed by the stripe scanning strategy 
show more evident mechanical anisotropy than that of the chessboard-scanned samples. The difference in the 
degree of mechanical anisotropy is mainly attributed to the heterogeneous grain morphology and crystallo-
graphic texture resulted from different scanning strategies.   

1. Introduction 

High entropy alloys (HEAs) have received extensive attention due to 
their high thermal stability, excellent mechanical properties and supe-
rior corrosion resistance, showing broad application prospects in the 
aerospace, automotive and energy industries [1–7]. In recent years, in 
order to overcome the strength-ductility trade-off problem in conven-
tional single-phase HEAs, multiple non-equiatomic dual-phase HEAs 
systems have been successfully designed and fabricated based on the 
metastable engineering strategies [8,9]. In addition to the inherent solid 
solution strengthening, HEAs driven by novel strengthening and defor-
mation mechanisms have also been reported, such as interstitial solid 
solution strengthening [10–13], precipitation strengthening [14–16], 
phase transformation- and/or twinning-induced plasticity (TRIP and 
TWIP, respectively) [17–22], providing new insights for the design of 
high strength-ductility material. Among these strategies, the introduc-
tion of small-sized interstitial atoms such as oxygen [10], carbon [11] 
and boron [12] to develop interstitial-strengthened HEAs (iHEAs) is 
promising for manipulating the superior mechanical properties. For 
example, a carbon-added non-equiatomic iHEA, Fe49.5Mn30Co10Cr10C0.5 
(at.%), can simultaneously activate the TRIP and TWIP deformation 
mechanisms, which enables this iHEA to have an improved 

strength-ductility synergy compared to the alloy without interstitial el-
ements [11,18,20,23]. 

Over the past few years, additive manufacturing technology has 
developed rapidly, among which laser powder-bed fusion (LPBF), also 
known as selective laser melting (SLM), has become a favorable method 
for manufacturing HEAs components with complex geometry and su-
perior mechanical properties due to its high-performance net-shape 
forming process characteristics [24–28]. Different from traditional 
casting technology, the molten pool in LPBF has the characteristics of 
large temperature gradient and fast cooling rate (~106 K/s) [29], which 
can contribute to (i) the expansion of the solid solution limit, (ii) refined 
microstructure, and (iii) improved micro-segregation [30]. Moreover, 
the LPBF process has the effect of reciprocating reheating on the pre-
vious layers owing to the layer-by-layer deposition manner [31–35], 
which plays the role of in-situ heat treatment so that the as-printed 
materials can obtain microstructure different from traditional process-
ing techniques. 

Due to the large temperature gradient and the complex thermal 
history along the building direction, crystallographic textures and 
spatially heterogeneous distribution of grains often form in the LPBF 
manufactured parts, which usually lead to mechanical anisotropy [28, 
36–39]. Some studies have shown that LPBF process parameters, such as 
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scanning speed [40], laser power [41] and scanning strategy [42–44], 
affect the relative density and microstructure of the as-printed samples, 
and eventually result in different mechanical properties. Among these 
parameters, the scanning strategy, which does not change the laser en-
ergy density but significantly affects the microstructure and mechanical 
anisotropy of the as-printed materials, has recently attracted the atten-
tion of scholars. Zhang et al. [42] studied the microstructure and me-
chanical properties of LPBF fabricated CoCrFeMnNi HEA with three 
different scanning strategies, namely ‘0-scan’, ‘67-scan’ and ‘90-scan’ 
strategy, respectively. The results showed that the scanning strategy had 
a significant effect on the grain morphology, texture and residual stress 
distribution, thereby affecting the density and morphology of micro-
cracks. The sample printed using the ‘67-scan’ strategy had the lowest 
crack density and superior strength-ductility synergy. Guo et al. [44] 
studied the effect of scanning strategies on the mechanical properties 
and hot cracking behavior of LPBF manufactured CoCrFeMnNi-(N,Si) 
HEA. They found that the 45◦ scanning rotation strategy resulted in a 
higher hot crack density than the 67◦ rotation strategy, attributed to the 
pronounced epitaxial growth of columnar dendrites and the high local 
strain subjected in the alloy. In addition to the effects of the rotation 
angle, two standard scanning patterns in the LPBF process, namely stripe 
and chessboard, have also been reported to affect the mechanical 
properties of as-built metal materials [35,43]. Wang et al. [35] found 
that the GH4169 superalloy prepared by the chessboard pattern had 
higher tensile strength and more evident tensile anisotropy compared to 
the stripe samples, while opposite results were reported by Sun et al. 
[43] for the LPBF fabricated CoCrFeNi HEA using these two scanning 
patterns. Although some research work about the influence of scanning 
strategies on the mechanical response of LPBF printed HEAs has been 
carried out, the relationship between the heterogeneous microstructure 
and the corresponding mechanical anisotropy induced by different 
scanning strategies is still unclear and needs to be systematically stud-
ied. Therefore, it is necessary to determine the cause of the anisotropic 
mechanical properties according to the initial microstructure and 
texture characteristics, and analyze the difference in deformation 
behavior with respect to the loading direction. 

In the present study, non-equiatomic Fe49.5Mn30Co10Cr10C0.5 iHEA 
was fabricated by LPBF with stripe and chessboard scanning strategies. 
The grain morphology and crystallographic texture of the as-printed 
samples on different planes were comprehensively analyzed and dis-
cussed. The tensile mechanical properties were examined along three 
planes to study the mechanical anisotropy and its relationship with the 
heterogonous microstructure induced by different scanning strategies. 
The involved deformation mechanisms were discussed in detail based on 
multi-scale characterization methods. 

2. Materials and methods 

2.1. Sample fabrication 

Gas-atomized non-equiatomic Fe49.5Mn30Co10Cr10C0.5 (at.%) iHEA 
powder provided by Anhui Fitech Materials Company Ltd (China) was 
used as the raw material for LPBF. Fig. 1 shows the morphology of the 
powder, which has good sphericity with particle size in the range of 
15–53 μm. 

The LPBF process was carried out in SLM 125 HL system under an 
argon atmosphere. The process parameters including the scanning 
speed, laser power, hatch space and layer thickness were selected as 700 
mm/s, 300 W, 120 μm and 30 μm, respectively. The volumetric energy 
density was calculated to be 119 J/mm3. During the LPBF printing 
process, stripe and chessboard scanning patterns were applied with 33◦

rotation between consecutive layers, as schematically illustrated in 
Fig. 2a. The optimized 33◦ rotation angle was selected based on our 
screening experiments. For the chessboard scanning strategy, each layer 
was divided into multiple squares of 2 × 2 mm2 size, and the scanning 
vectors in the adjacent squares were perpendicular to each other. The 

macroscopic image of the LPBF printed samples is presented in Fig. 2b, 
where the main direction of the laser beam scanning is described as X 
direction. To investigate the mechanical anisotropy of the LPBF fabri-
cated samples, tensile samples were built in three directions for each 

Fig. 1. SEM micrograph showing the morphology and particle size of gas- 
atomized Fe49.5Mn30Co10Cr10C0.5 powder. 

Fig. 2. (a) Schematic diagram of the stripe and chessboard scanning patterns; 
(b) LPBF printed iHEA samples orientated in three directions; (c) Dimensions of 
tensile samples in mm. 
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scanning pattern, and named as stripe-F (flat), stripe-H (horizontal), 
stripe-V (vertical), chessboard-F, chessboard-H and chessboard-V sam-
ple, respectively. The detailed dimensions of the tensile samples are 
shown in Fig. 2c. 

2.2. Microstructure characterization and mechanical testing 

To investigate the microstructure of LPBF built Fe49.5Mn30-

Co10Cr10C0.5 iHEA, as-built samples with different printing planes were 
ground with #320-#4000 grit sand papers and then mechanically pol-
ished with 3 μm and 1 μm diamond suspension and finally OPS sus-
pension. The microstructure and crystallographic orientation were 
analyzed by electron backscatter diffraction (EBSD) performed in a 
scanning electron microscope (SEM, Tescan Lyra) operated at 30 kV 
voltage. X-ray diffractometer (XRD, Bruker D8 Advance) was used to 
identify the phase constituents before and after tensile deformation. The 
XOY plane of the stripe-F sample was exposed to X-ray for XRD phase 
analysis. 

The microhardness on the gauge plane of the as-printed tensile 
samples was measured by a Vickers microhardness tester with the 
applied load of 300 g and the dwelling time of 10 s, referring to the 
ASTM E384 standard. Twenty measurements were taken on each plane, 
and 0.5 mm distance between each indentation was maintained. To 
study the room-temperature tensile properties, tensile samples with 
gauge dimensions of 11 mm × 3 mm × 1.2 mm, which is a variety 
designed according to the sub-sized ASTM E8-E8M standard, were 
extracted by electrical discharge machining from the samples fabricated 
in different planes (Fig. 2b). Uniaxial tensile tests were performed using 
a Kammrath-Weiss tensile module at the strain rate of 3 × 10− 4 s− 1. At 
least three tensile samples with respect to each loading direction were 
tested for the reproducibility of data. After the tensile test, both con-
ventional EBSD and transmission EBSD analysis, as well as transmission 
electron microscopy (TEM) were performed near the fracture to inves-
tigate the deformation mechanisms of the additively manufactured 
iHEA. The transmission EBSD and TEM specimens were prepared with a 
focused ion beam (FIB), and the deformed microstructure was observed 
using a scanning transmission electron microscope (STEM) detector 
equipped in the SEM operated at 30 kV voltage. TEM analysis was 
performed using JEOL JEM-2200FS operated at 200 kV. The fracture 
morphology was observed with SEM to analyze the fracture behavior. 

3. Results and discussion 

3.1. Phase identification 

The XRD patterns of the Fe49.5Mn30Co10Cr10C0.5 iHEA powder, the 
as-printed sample on the XOY plane before and after tensile deformation 
(the stripe-F sample was used as representative) are shown in Fig. 3. 
Only the characteristic diffraction peaks of (111), (200), (220), (311) 
and (222) planes of the fcc crystal structure were detected in the as- 
received powder. In contrast, the hcp phase was observed in the as- 
printed and tensile tested samples. The reason for the formation of the 
hcp phase will be analyzed in detail in the microstructure section. 
Compared with the original powder, the relative peak intensity of (220) 
of the as-printed sample increased significantly. This implies that a 
preferential orientation of the grains was generated in the LPBF pro-
cessed sample. It can also be observed that the peak intensities of the hcp 
phase increase relative to the ones of the fcc phase in the tensile 
deformed sample, indicating the formation of more hcp phase. This will 
be further scrutinized in the following section of mechanical property 
investigation. 

3.2. Microstructures and crystallographic texture 

Fig. 4 presents the 3D orientation maps of the LPBF built 
Fe49.5Mn30Co10Cr10C0.5 iHEA samples using two scanning patterns. The 

unique morphology and texture of the LPBF fabricated iHEA are more 
obvious on the XOY plane of the stripe samples: the columnar grains are 
arrayed in a nearly rectangular shape with its shorter side along the laser 
scanning track (X direction) and longer side parallel to Y direction. For 
the chessboard samples, the laser beam passed discontinuously on the 
scanning plane, which led to the formation of interrupted linear 
arrangement of grains, as shown in Fig. 4d–f. Columnar grains and a few 
fine equiaxed grains can be observed in all samples. In particular, more 
equiaxed grains can be observed along the laser boundaries in the 
chessboard samples. Similar spatial heterostructures are often reported 
in LPBF built metallic materials [36,45–48], which usually show a 
visible periodicity corresponding to the applied laser scanning strategies 
[46]. 

A typical columnar grain structure can be observed along the 
building direction on the XOZ and YOZ planes of the flat and horizontal 
samples, which grows preferentially with length scales across several 
deposition layers, especially the stripe samples whose grain length is 
even larger than the whole EBSD scanning area (see Fig. 4a and b). For 
the vertical samples (Fig. 4c and f), the length of the columnar grains is 
reduced and the preferred orientation is significantly weakened. From 
these samples, it is noticed that the columnar grains can evolve het-
erogeneously with spatially different morphologies along the building 
direction. There are also some thin and fine grains near the grain 
boundaries of the coarse columnar grains (as indicated with blue arrows 
in Fig. 4). It is attributed to the complicated thermal gradient of the 
molten pool and its surrounding area in the LPBF process [46–48]. When 
the laser beam was scanned in parallel within each deposition layer, 
some fine grains preferentially grew along the centerline of the adjacent 
laser scanning paths, so the equiaxed shape could be observed on the 
XOY plane [46,47]. On the other hand, due to the large amount of heat 
input in the overlapping area between the successively scanned layers, 
larger columnar grains formed around the fine equiaxed grains [46]. 
Due to the 90◦ limitation window adopted by the present LPBF printer 
(exclude the entering rotation angles when the angle between the laser 
scanning direction and the airflow direction is less than 45◦), the stripe 
samples show more inhomogeneous grain morphology and size on 
different planes of three differently orientated samples (Fig. 4a–c), while 
this microstructure heterogeneity of the chessboard samples is reduced 
to a certain extent due to the frequent change of the laser scanning di-
rection among the small chessboard squares (Fig. 4d–f). 

The average grain size and aspect ratio (based on the high angle 
grain boundaries) of different samples vary greatly, as listed in Table 1. 
For the flat and horizontal samples, although the XOY plane does have 

Fig. 3. XRD patterns of as-received powder, as-printed and tensile deformed 
iHEA samples. 
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some small grains distributed along the boundary of the molten pool, the 
proportion of coarse columnar grains is relatively high due to the tem-
perature gradient and heat accumulation, so the average grain size on 
the XOZ and YOZ planes is large. The grain sizes of the chessboard-F and 
H samples are significantly reduced compared to the stripe-F and H 
samples, attributed to the formation of more equiaxed grains along the 
laser scan tracks in the former. While the aspect ratios of the chessboard- 
F and H samples are increased, and each sample exhibits less difference 
between the three section planes, indicating a relatively more uniform 
grain shape and size compared to the stripe samples. It is worth noting 
that for the vertical samples, both the scanning strategies led to a sig-
nificant reduction in average grain size and a similar aspect ratio be-
tween different sections, which is related to the shape and size of the as- 
printed samples in the present study. Specifically, during the printing 
process of the gauge region of the vertical samples, the laser scanning 
area is small, approximately equal to the cross-sectional area (3 × 1.2 
mm2) of the tensile specimen, resulting in a decrease in the ratio of 
temperature gradient and solidification rate, that is, the degree of 
constitutional undercooling. Therefore, the growth of the columnar 
grains was inhibited, leading to the formation of finer grains and 
resultant similar aspect ratio. Furthermore, for the three different stripe 
samples, the difference in grain size between the XOZ and YOZ plane 
(221 μm, 24 μm and 54 μm for stripe-F, H and V, respectively) is 
significantly larger than that of the chessboard samples (23 μm, 1 μm 

and 30 μm for chessboard-F, H and V, respectively), which further in-
dicates that the microstructure is less heterogeneous for the chessboard 
samples. 

The corresponding EBSD phase maps for these six samples are pro-
vided in the Supplementary Material because of the small variability 
between the phase compositions. Both the stripe and chessboard sam-
ples have a large amount of fcc phase (more than 99%) with a very small 
amount of hcp phase distributed, as shown in Fig. S1. This is consistent 
with the XRD results in Fig. 3. LPBF is a complex heating and cooling 
process of multiple thermal cycles exposed to each deposited layer. Due 
to the difference in thermal conductivity between the substrate and the 
deposited layers, a large temperature gradient and cooling rate would be 
generated at the beginning of the printing process, where the fcc-hcp 
martensitic transformation could be kinetically suppressed. As the 
printing process progressed, the temperature gradient and cooling rate 
decreased with the gradually increased heat accumulation, promoting 
the formation of thermally induced martensitic transformation. In 
addition, due to the more complex laser scanning manner of the chess-
board samples, it is speculated that the cooling rate is lower at the 
intersection of lasers in different directions, thus resulting in relatively 
more hcp phase in the chessboard samples. 

Fig. 5 displays the (001), (110) and (111) pole figures and the inverse 
pole figure (IPF) taken from the XOY plane of stripe-F and chessboard-F 
samples. For these two samples, the columnar grains show a preferred 

Fig. 4. EBSD orientation maps on the gauge planes of (a) stripe-F, (b) stripe-H, (c) stripe-V, (d) chessboard-F, (e) chessboard-H, and (f) chessboard-V samples. The 
color scheme of IPFs indicates the lattice orientations of fcc and hcp grains parallel to the Z direction (building direction of LPBF). The fine grains growing pref-
erentially along the centerline of the adjacent laser scanning paths are indicated with blue arrows. (For interpretation of the references to color in this figure legend, 
the reader is referred to the Web version of this article.) 

Table 1 
Average grain size and aspect ratio in the XOY, XOZ and YOZ section planes of all samples.  

Section plane Average grain size (μm), aspect ratio 

Stripe-F Stripe-H Stripe-V Chessboard-F Chessboard-H Chessboard-V 

XOY 91, 0.3 86, 0.4 57, 0.4 69, 0.4 63, 0.4 64, 0.4 
XOZ 122, 0.2 229, 0.1 92, 0.2 120, 0.3 114, 0.4 76, 0.2 
YOZ 343, 0.3 205, 0.3 38, 0.3 143, 0.3 115, 0.3 46, 0.3  

W. Zhang et al.                                                                                                                                                                                                                                  
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<110> orientation parallel to the building direction, as indicated by the 
strong intensity peak observed at the center of the (110) pole figure, 
which is in good agreement with the strong (220) diffraction peak that 
appears on the XRD pattern of the as-printed sample (Fig. 3). There is 
also a strong <001> texture along the X direction of the stripe sample, as 
shown in Fig. 5a and b. Generally, it is known that the fcc crystal 
structure tends to grow in the preferred <001> orientation along the 
solidification direction during the additive manufacturing process [45, 
48,49]. However, when the scanning strategy between the two consec-
utive layers is rotated to a certain degree, the preferred orientation and 
intensity can be changed to some extent. 

To be specific, during the LPBF process, when a laser beam travels 
along a certain direction, the molten pool is continuously solidified 
along the laser trajectory with the grains mainly growing along the 
<001> preferred orientation [36,45,48]. Due to the semi-elliptical 
shape of the molten pool, the latent heat is also radially transferred 
from the laser scanning center to the boundaries of the molten pool, 
causing the grains with <001> orientation to grow mostly along 0◦ and 
45◦ with respect to the building direction [36]. This ensures the grains of 
the current scanning layer and the previously solidified grains maintain 
preferential growth in the direction with the largest temperature 
gradient [48,50]. However, due to the change of the laser scanning angle 
for every two consecutive layers in this study, the growth of crystal 
grains along 0◦ from the bottom of the molten pool would be suppressed 
to a certain extent. Therefore, most of the solidified crystals from the 
molten pool boundaries would grow at 45◦ from the building direction, 
indicating that not only the <001> texture was generated in the X 

direction, but also the strong <110> texture was generated in the Y and 
Z directions [48,50]. The above-mentioned preferred orientation of 
grain growth is more obvious in the stripe samples, as shown in Fig. 5a 
and b. For the chessboard samples, due to the frequent changes of the 
laser scanning direction in small square areas between two consecutive 
deposition layers, the continuous growth of the grains along both 0◦ and 
45◦ was suppressed. As a result, the texture intensity of the grains was 
significantly reduced compared to the stripe sample, with the maximum 
value dropped from 11.426 to 4.693. Some <111> orientated grains 
along the X and Y directions were also observed in the chessboard 
sample as shown in Fig. 5d, which was also found in GH4169 superalloy 
printed by LPBF using the chessboard scanning strategy [35], demon-
strating that a relatively more random crystallographic orientation can 
be obtained by adjusting the scanning pattern in LPBF additive 
manufacturing process. 

3.3. Mechanical anisotropy and strengthening mechanisms 

3.3.1. Microhardness 
The microhardness on the gauge planes of different samples is pre-

sented in Fig. 6, which is obtained from 20 measuring points on each 
sample. The average microhardness values of the stripe-F, H and V 
samples are 287.9 HV0.3, 287.6 HV0.3 and 255.3 HV0.3, respectively. The 
corresponding values for the chessboard samples are 284.7 HV0.3, 279.9 
HV0.3, and 283.4 HV0.3, respectively. It is worth noting that the 
measured values and the grain sizes on each plane mentioned above do 
not satisfy the Hall-Petch relation, which is related to the difference in 

Fig. 5. EBSD pole figure and IPF texture taken from the XOY plane of as-built stripe-F sample (a, b) and chessboard-F sample (c, d).  
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sub-grain size and initial dislocation density, because these factors also 
significantly affect the Hall-Petch relationship [51,52]. Moreover, it can 
be noticed that the microhardness distribution on different planes of the 
chessboard samples is more uniform than the stripe samples, mainly due 
to the more homogeneous microstructure in the chessboard samples. 

3.3.2. Tensile properties and deformation mechanisms 
The tensile engineering stress-strain curves of the LPBF printed stripe 

and chessboard samples along different directions are shown in Fig. 7a. 
It can be observed that the stress-strain curves of the stripe samples 
change within a certain range. The stripe-H sample exhibits the highest 
ultimate tensile strength (UTS) of 1102 MPa and elongation of 47%, and 
the stripe-F sample shows the lowest UTS of 980 MPa and an elongation 
of 37% at fracture. This difference in mechanical properties is signifi-
cantly reduced between the chessboard samples. In other words, it is 
confirmed that the additively manufactured Fe49.5Mn30Co10Cr10C0.5 
iHEA shows mechanical anisotropy, and the degree of anisotropy is 
related to the applied scanning strategy during the LPBF process, which 
has also been reported in Ref. [35]. 

Fig. 7b shows a comparison of the yield strength (YS), UTS and 
uniform elongation of the printed stripe and chessboard samples along 
different loading planes. The variations of the YS in different planes of 
both the stripe and the chessboard samples are consistent with the 
observed changes of the microhardness. For the stripe samples, the UTS 
and uniform elongation of different samples exhibit more significant 
anisotropy compared to the YS, which is mainly associated with the 
crystal orientation and deformation characteristics along these loading 
planes. The degree of plastic deformation and mechanical strength of the 
metallic material mainly depends on the dislocation slip governed by the 
crystal orientation and the loading direction. Only when the stress acting 
on the slip plane along the slip direction reaches the critical resolved 
shear stress will slip proceed [51]. For an fcc alloy, the difficulty of slip is 
ordered accordingly as [111] > [110] > [001] [49,51]. In the LPBF 
printed stripe samples, the columnar grains mainly grow along the 
building direction with a preferred <110> orientation (as shown in 
Figs. 4 and 5). When the external force acts in the X direction (the sit-
uation of flat and horizontal tensile samples), on one hand, as the 
loading direction is parallel to the <001> orientation of the columnar 
grains, it is conducive to the occurrence of slip and promotes the steady 
and continuous plastic deformation, thereby increasing the elongation 
of the material. On the other hand, as the angle between the columnar 
grains and the loading force is approximately 90◦, the columnar grains 
are more prone to cracking [51]. However, it can be seen from Fig. 7a 
and b that there is a significant difference in the tensile properties 

between the stripe-F and H samples. This is because the stripe-F sample 
has more grain boundaries and more pore defects due to the 
track-by-track laser-scanning pattern, and it is easier for cracks to 
propagate along the grain boundaries during the loading process, lead-
ing to the reduced strength and elongation, which will be confirmed by 
the fracture topography analysis discussed below. 

When the tensile load is applied in the building direction (the situ-
ation of the vertical tensile samples), the loading direction is parallel to 
the <110> orientation of the grains, where the slip of the crystal grains 
is hindered to a certain extent, so the degree of plastic deformation is 
reduced. Meanwhile, owing to the layer-by-layer printing method of 
LPBF, there are more micro-pores in the vertical sample (revealed by the 

Fig. 6. Vickers microhardness distributions of different samples.  

Fig. 7. (a) Tensile engineering stress-strain curves; (b) Comparison of the yield 
strength, fracture strength and elongation between stripe and chessboard 
samples; (c) Work hardening rate curves. 
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fracture topography in Fig. 12c and f), which causes the micro-cracks to 
easily generate at the grain boundaries during the loading process, and 
ultimately reduce the fracture strength and elongation. In comparison, 
the chessboard samples exhibit decreased elongation, mainly related to 
the increased porosity and residual stress [35], but the difference in YS, 
UTS and elongation along different loading planes is significantly 
reduced due to the more homogeneous microstructure. It needs to be 
mentioned that despite the extremely larger grain size and lower amount 
of hcp phase, the mechanical strength of the present iHEA is higher than 
that of the cast and heat-treated samples with a grain size of 4–40 μm 
[11,18,20], while the total elongation is slightly decreased. This is 
related to the formation of M23C6 and M7C3 precipitates in the micro-
structure, which has been confirmed by the high energy synchrotron 
XRD analysis in our previous study [53]. The formation of nano-carbide 
precipitates is associated with the addition of carbon interstitials in the 
microstructure, which can effectively hinder the dislocation movement 
and generate high back stress-induced hardening through massive 
geometrically necessary dislocations (GNDs) during plastic deformation, 
further contributing to the strengthening of this alloy [54,55]. These 
carbide precipitates have been reported to block dislocation movement 
more effectively than sub-grain boundaries [55], suggesting that the 
volume fraction of carbides can be a crucial factor for modulating the 
mechanical properties of HEAs containing carbon interstitials. In addi-
tion to the precipitation strengthening effect, the current iHEA also 
benefits from interstitial solid solution strengthening. This is due to the 
fact that carbon interstitials cause much higher lattice distortions than 
substitutional elements, which strongly affects their interactions with 
dislocations [11]. 

Fig. 7c shows the relationship between the work hardening rate 
(WHR) and the true strain of the stripe and chessboard tensile samples 
loaded along different planes. The inset in Fig. 7c illustrates a pro-
nounced anisotropy of the work hardening ability of the stripe samples. 
The initial WHR of the stripe-F sample is much lower than that of the 
stripe-H and stripe-V samples, which tendency leads to the relatively 
poor mechanical properties of the stripe-F sample. The WHR curves of 
the chessboard samples are much more similar in different loading 
planes. The above results indicate that the plastic deformation and work 
hardening mechanisms of the stripe samples exhibit obvious anisotropy, 
while the anisotropy of the chessboard samples is significantly 
weakened. 

Stable work hardening ability under high stress levels is mainly 
attributed to the activation of multiple deformation mechanisms, which 
is essential for the material to maintain a large uniform elongation 
during the loading process [24]. In general, the work hardening of a 
material is caused by the accumulation of a large number of dislocations 
during deformation, where the mean free path of dislocation movement 
will decrease as the total dislocation density increases [36,56,57]. The 
activation and interaction of multiple slip systems during plastic 
deformation process can further promote the work hardening behavior 
of the material. More importantly, the formation of 
deformation-induced hcp martensite phase in the present study (which 
will be discussed in detail later) not only carries the plastic deformation, 
but also provides a strong barrier for the movement of dislocations, both 
of which can significantly enhance the work hardening ability [18,19]. 
Therefore, the deformation mechanisms mainly including 
dislocation-mediated plasticity and TRIP effect essentially maintain the 
stable work hardening behavior of the present LPBF printed iHEA, 
leading to superior mechanical properties. 

As observed in some recent studies [36,39,50,58–61], the spatially 
heterogeneous grain structures and crystallographic textures directly 
affect the deformation incompatibility and anisotropic hardening 
behavior of LPBF fabricated materials. Im et al. [59] pointed out that in 
the 316L stainless steel, due to the accumulation of more GNDs, the 
loading direction across the short axis of the columnar grains was 
conducive to getting more work hardening than loading along the long 
axis of the columnar grains. This is consistent with the horizontal tensile 

samples in the present study. These GNDs caused by the heterogeneous 
grain structure can introduce a long-range internal stress opposite to the 
loading direction, which not only contributes to the Hall-Petch rela-
tionship, but also improves the work hardening ability of the material 
through impeding the dislocation movement [36,52]. 

The Taylor model describes polycrystalline deformation based on the 
slip of individual crystals, which has been widely used to explain and 
predict strength, ductility and texture evolution during deformation [35, 
62,63]. The Taylor factor (TF) is an average orientation factor that de-
scribes the propensity of a crystal to slip (or not) based on its orientation 
relative to the macroscopic stress state, depending on the texture of the 
material and the crystallographic nature of the assumed slip systems. 
The TF represents the ability of a material to resist plastic deformation, 
and grains with large TF values indicate that a large amount of slip is 
required to consume plastic work during deformation [35]. Higher 
dislocation density is generated inside these grains to maintain the strain 
compatibility with neighboring grains, resulting in lower effective 
stacking fault energy (SFE) [64]. Therefore, high flow stresses are ex-
pected to develop in these grains. To compare the deformation resis-
tance of the stripe and chessboard samples along different tensile planes, 
TF maps were constructed based on the uniaxial tensile direction rela-
tive to the {111}<110> slip system within each grain. Fig. 8 shows the 
TF distribution maps on the gauge planes of different samples. Also, the 
average TF, considering all the detected grains in the EBSD map of the 
samples, is listed at the top of each panel in Fig. 8. 

Comparing the samples loaded along different planes, the average TF 
of the stripe-H and V samples is 2.58 and 3.06, respectively, which are 
quite close to those of the chessboard-H and V samples, indicating that 
the stripe and chessboard samples have similar resistance to plastic 
deformation in these two loading planes. In contrast, the stripe-F sample 
exhibited a clearly lower TF (2.68) than that of the chessboard-F sample 
(3.17), consistent with the tensile test results (Fig. 7). The grains in the 
stripe-F, stripe-H and chessboard-H samples show lower TF values 
compared to other samples. This signifies that the <001> fiber texture 
(TF = ~2.45 [57,65]) strongly contributed to the flow stress in these 
samples, while <110> texture (TF = ~3.67 [61]) and <111> texture 
(TF = ~3.67 [57,65]) also contributed to other samples, which is 
consistent with the texture analysis results shown in Fig. 5. Therefore, 
for the present iHEA samples processed by LPBF under different scan-
ning strategies, the difference in deformation behavior and mechanical 
anisotropy can be explained by the different TFs caused by the texture in 
different planes concerning each loading direction. 

As analyzed with XRD shown in Fig. 3, both fcc and hcp phases were 
detected in the sample before and after tensile tests. The relative in-
tensity of the characteristic diffraction peaks of the fcc and hcp phases 
changed after tensile test, indicating that a phase transformation from 
fcc to hcp occurred during the plastic deformation. The EBSD mapping 
given in Fig. 9a–d shows the microstructure of the stripe-V sample after 
tensile test, and the chart in Fig. 9e depicts the misorientation angle 
between the fcc and hcp phases. Lath-like hcp phase can be observed 
inside the fcc matrix through the deformation induced phase trans-
formation, where the thin hcp laths showed a tendency to gradually 
thicken and grow towards each other, thereby promoting the formation 
of a massive amount of hcp phase, i.e. a volume fraction of 29.1% at 
fracture. The detailed orientation relationship of fcc and hcp phases can 
be found in Fig. 9f, where a standard Shoji-Nishiyama orientation 
relationship (<110>fcc//<11–20>hcp) was confirmed by the corre-
sponding pole figure of fcc and hcp phase in the deformed sample. The 
misorientation angle between these two phases is about 45.8◦. From 
Fig. 9, a large number of slip bands were also found with a misorien-
tation angle of 2.5◦ within the fcc phase. These slip bands were gener-
ated by the slip of Shockley partial dislocations and acted as the cores for 
the martensite nucleation. Therefore, it is believed that massive slip 
bands should have been generated in the fcc phase during the defor-
mation process to realize the martensite transformation [56]. 

The SFE plays an extremely critical role in affecting the plastic 
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Fig. 8. Taylor factor maps of the as-built Fe49.5Mn30Co10Cr10C0.5 iHEA with respect to different tensile directions on (a) stripe-F, (b) stripe-H, (c) stripe-V samples, 
and (d) chessboard-F, (e) chessboard-H, (f) chessboard-V samples. 

Fig. 9. (a) Banding structure revealed in EBSD image quality map, (b) IPF map and (c) phase map showing the deformed microstructure; (d) Magnified IPF map of a 
local area marked in (b); (e) Misorientation angle distribution in (d); (f) Pole figure of the fcc and hcp phase in (d). 
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deformation behavior of fcc phases [66,67]. With the gradual decrease 
of SFE, the plastic deformation mode changes from dislocation-mediated 
slip to deformation twins, and finally to fcc-hcp phase transformation 
[68]. In fcc alloys with low SFE, a unit dislocation with 1/2<110>
Burgers vector tends to dissociate into two Shockley partial dislocations 
with 1/6 <211> Burgers vector according to Frank’s rule. Either 
deformation twining or fcc-hcp martensitic transformation is proceeded 
by the movement of Shockley partial dislocations. If the Shockley dis-
locations slide on every two consecutive {111}fcc close packed planes, 
deformation twins will be produced, while the fcc-hcp phase trans-
formation will be generated if the Shockley dislocations slide on every 

second {111}fcc close packed plane [68,69]. It has been reported that the 
SFE of CoCrFeMnNi HEA is significantly affected by the SFE of each 
constituent element [19,70,71]. The value of intrinsic SFE of the 
equiatomic CoCrFeMnNi HEA is 20–50 mJ/m2 [72,73]. The effect of 
carbon interstitials on SFE varies in different HEA systems [23,74]. For 
the present non-equiatomic Fe49.5Mn30Co10Cr10C0.5 iHEA, carbon in-
terstitials slightly increase the SFE to a critical point of around 18 mJ/m2 

[23]. This facilitates the fcc-hcp phase transformation and makes it the 
dominant plastic deformation mechanism in the metastable fcc phase at 
room temperature [68,75–79]. During the deformation process, the 
fcc-hcp phase transformation plays an increasingly important role in 

Fig. 10. (a) Bright-field STEM image with (b) the 
dark-field image showing the deformation micro-
structure near the fracture; (c–e) Transmission EBSD 
results from the area marked in (b), the scale bar is 
500 nm; (f) Pole figure for the fcc matrix and twin 
obtained from the area marked in (d); (g) Misorien-
tation profile along the black line in (d); (h) Bright- 
field TEM image of the fractured sample with the 
corresponding SAED pattern in (i) showing deforma-
tion twins from the selected area (in red circle). (For 
interpretation of the references to color in this figure 
legend, the reader is referred to the Web version of 
this article.)   
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accommodating the plasticity to maintain the stable work hardening 
ability under high stress levels and superior strength, as the martensitic 
hcp phase also plays a role in secondary hardening due to the lack of 
plasticity in the hcp structure [24,68,75–79]. As a result, this LPBF 
processed iHEA exhibited an excellent strength-ductility combination. 

In addition, it can be observed from Fig. 9 that the fcc-hcp phase 
transformation mainly occurred in grains with specific orientations, 
such as the grains with <110> axis parallel to the tensile direction. Due 
to the difficulty of slip, multiple slip systems were activated for the basal 
slip in these grains to cause dislocations pileup, which led to the 
reduction of effective SFE and thus promoted the phase transformation 
[80]. In contrast, the deformation mechanism of the <001> oriented 
grains is mainly dislocation slip, as this orientation is conducive to 
continuous and stable dislocation slip. Therefore, the crystallographic 
orientation of fcc grains plays an important role in the directional flow 
behavior by adjusting the activity of TRIP. 

Fig. 10 shows the STEM, transmission EBSD and TEM images of the 
stripe-V sample near the fracture area after tensile test, revealing more 
deformation behaviors at nanoscale level. From the bright-field STEM 
image (Fig. 10a), distinct deformed lath-like structures can be observed. 
In the dark-field image, nanoscale circular precipitates are observed, as 
indicated by the yellow arrows in Fig. 10b, verifying the precipitation 
strengthening mechanism mentioned before. The transmission EBSD 
observation position is marked with the white dashed line in Fig. 10b. 
From Fig. 10c–e, it can be observed that in addition to the deformation- 
induced fcc-hcp phase transformation, there is also an fcc single-phase 
structure with obvious misorientation in the matrix, as marked by a 
yellow dashed rectangle in Fig. 10d. According to the presence of a 
coincident point in the {111} pole figure (marked with a black dashed 
circle in Fig. 10f, which indicates that the matrix and the lath-like 

structure have a mirror-symmetric relationship with the {111} plane) 
and the sharp peaks with misorientation angle of 60◦ along the black line 
in Fig. 10d, it can be concluded that in addition to the significant fcc-hcp 
transformation, there is also a small amount of deformation-induced 
twinning formation. The thickness of these twins was measured as 
around 50 nm in the high magnification EBSD image. The bright-field 
TEM micrograph near fracture shown in Fig. 10h and the correspond-
ing SAED analysis (Fig. 10i) performed in the red circle area further 
confirm the existence of nanoscale deformation twins in the fcc matrix. 
Despite the low content of deformation twinning, the similarity in 
morphology between the deformation-induced hcp phase and the nano- 
sized twins, and the continuity of the interface between them imply that 
the fcc-hcp transformation and twinning developed simultaneously, 
jointly facilitating the superior mechanical properties of the additively 
manufactured iHEA. 

To further reveal the deformation characteristics of different orien-
tated samples, the surfaces near the fracture region after tensile test 
were observed by SEM, and the results are presented in Fig. 11. The 
stripe-F sample, as shown in Fig. 11a, which has a relatively lower WHR 
during the deformation process, severely deformed in a specific direc-
tion within each grain, with the traces of slip bands on the surface 
approximately perpendicular to the loading direction. In contrast, the 
fracture surface of the stripe-H sample presents a 45◦ shear shape 
(Fig. 11b), and the slip bands are approximately parallel to the loading 
direction, where the secondary slip bands can also be observed, sug-
gesting more pronounced ductility. The stripe-V sample with higher 
WHR, shows obvious cross slip bands on the deformed surface (Fig. 11c). 
The deformation proceeded in a more homogeneous mode in this stripe- 
V sample is thought to be the result of the grains showing weaker 
preferred orientation along the loading direction (Fig. 4c), where 

Fig. 11. Deformation characteristics of different tensile samples: (a) stripe-F, (b) stripe-H and (c) stripe-V samples; (d) chessboard-F, (e) chessboard-H and (f) 
chessboard-V samples. 
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multiple slip systems were activated for the basal slip due to the diffi-
culty of slip in these grains. The difference in the slip direction of the slip 
bands further confirms the mechanical anisotropy in the above three 
samples. For the chessboard samples, the heterogeneity of the fracture 
surface morphology has been significantly improved. As shown in 
Fig. 11d–f, the crossed slip bands can be observed on the surface of all 
tensile samples, which benefits from the less heterogeneous grain 
orientation (Figs. 4 and 5). Based on the above analysis, it can be 
concluded that the use of chessboard scanning strategy can improve the 
homogeneity and mechanical anisotropy of the LPBF processed 
materials. 

The fracture morphology of the tensile tested samples was analyzed 
to further study the fracture mechanism. Fig. 12a–c shows the fracture 
surfaces of the stripe-F, H and V samples, respectively. Some spherical 
gas-driven pores and microcracks can be clearly observed on all fracture 
surfaces. The gas-driven pores are characterized by smooth inner sur-
faces, small size and round shape, usually originating from the gas 
entrapped inside the powder materials or the molten pool [81], which 
are different from the irregularly shaped lack-of-fusion (LoF) pores. The 
latter usually forms as a result of incomplete powder melting. There are 
also a large number of dimples on these fracture surfaces, revealing a 
dominant ductile fracture behavior. Nevertheless, the tensile-fractured 
stripe samples along different planes still exhibited various fracture 
characteristics. For the stripe-F sample, although ductile dimples are 
observed on the fracture surface, some small cleavage fracture surfaces 
parallel to the Y direction (along the horizontal direction in Fig. 12a) are 
also detected, corresponding to the above-mentioned slip bands that are 
approximately perpendicular to the tensile direction. While fine dimples 
are mostly distributed on the fracture surface of the stripe-H sample, 
indicating that it has experienced severe plastic deformation 

corresponding to the largest elongation. The fracture surface of the 
stripe-V sample shows more gas pores and microcracks, which is related 
to the layer-by-layer and track-by-track printing mode of LPBF. It 
introduced more molten pool boundaries in the vertical direction, where 
microscopic defects tend to generate during the LPBF process [82,83]. 

Fig. 12d–f presents the fracture surfaces of the chessboard-F, H and V 
samples, respectively. Compared with the stripe samples, more gas 
pores, LoF pores and microcracks can be observed on the fracture sur-
faces of the chessboard samples. This implies that the chessboard sam-
ples are more prone to cracking, as cracks usually initiate near the LoF 
pores which often form at the borders of the square domains of chess-
board. However, due to the frequent change of the grain orientation and 
the increase of high-angle grain boundaries, the propagation of cracks 
during the tensile process would also be hindered, resulting in no 
obvious deterioration in the mechanical properties of the chessboard 
samples compared to the stripe ones. It can also be seen that the dif-
ference in fracture morphology of these three differently orientated 
samples is reduced compared with the stripe samples, which is consis-
tent with the similar cross-slip bands in Fig. 11d–f. 

4. Conclusions 

In this study, the microstructures, anisotropy of tensile properties 
and deformation mechanisms of Fe49.5Mn30Co10Cr10C0.5 iHEA printed 
by LPBF under stripe and chessboard scanning strategies were investi-
gated systematically. The main conclusions drawn are as follows.  

(1) An fcc matrix decorated with a negligible amount of hcp phase 
was generated in the LPBF processed non-equiatomic 
Fe49.5Mn30Co10Cr10C0.5 iHEA. Both the stripe and chessboard 

Fig. 12. Fracture morphology of tensile tested samples: (a) stripe-F, (b) stripe-H and (c) stripe-V samples; (d) chessboard-F, (e) chessboard-H and (f) chessboard- 
V samples. 
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samples are composed of columnar and equiaxial grains with a 
preferred <110> orientation parallel to the building direction, 
while a strong <001> texture parallel to the laser scanning di-
rection was also formed in the stripe samples, arising from the 
interaction between the preferential growth mechanism of the 
grains and the direction of the temperature gradient during the 
LPBF process.  

(2) The microhardness, yielding strength, ultimate tensile strength 
and fracture elongation of the stripe samples loaded along three 
different planes showed more evident mechanical anisotropy 
compared to the chessboard samples, mainly attributed to the 
grain structure and crystallographic texture generated by 
different laser scanning strategies.  

(3) Carbon interstitials in the current Fe49.5Mn30Co10Cr10C0.5 iHEA 
contributed to both the precipitation strengthening and intersti-
tial solid solution strengthening. Plastic deformation process is 
accommodated by dislocation slip, phase transformation and 
nano-twinning, contributing to the excellent combination of 
strength and plasticity of the LPBF processed iHEA. The crystal-
lographic texture plays an important role in the deformation 
mechanisms by governing the deformation activity.  

(4) All samples showed ductile fracture with the formation of a large 
number of dimples. Some small cleavage surfaces in the stripe 
samples and lack-of-fusion pores in the chessboard samples could 
also be observed from the fracture. The deformation character-
istics and fracture morphology under different scanning patterns 
also showed inhomogeneity. 
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