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Abstract 
This project aims to develop a mechanistic understanding of the oxidation and 

simultaneous carburisation in type 316H austenitic stainless steel under Advanced Gas-

cooled Reactor (AGR) service conditions, and subsequently their impact on the creep 

mechanics at 550 °C of pre-carburised creep specimens. Sections of the boiler pipework 

in the AGRs are fabricated from type 316H austenitic stainless steel and are exposed to 

high temperatures (480-650 °C) and pressurised (4.14 MPa) gaseous primary coolant 

mixture of CO2/CO. The remaining life of these boiler components is restricted by their 

tolerance to creep and resistance to environmental degradation mechanisms i.e. 

oxidation and carburisation.  

In this project, two 316H austenitic stainless steel casts, differing in the Mn content, 

were first exposed to simulated AGR service conditions at 550 or 600 °C, inducing the 

simultaneous formation of oxide and carburised layers. The results revealed a limited 

amount of atomic carbon in solid solution within the austenite lattice, whereas the 

excess carbon precipitates as M23C6 carbides. The local diffusion of substitutional 

solutes (i.e. Cr) is the rate-controlling step for carburisation. Furthermore, the creep 

behaviour at 550 °C of the pre-carburised specimens was influenced by the cracking of 

embrittled, carburised grain boundaries and by the modified local material properties of 

the near-surface carburised layer. The formation of ferrite grains in the carburised layer 

was also detected, with the ferrite fraction increasing with creep strain, indicative of a  

strain relief mechanism locally. This work contributes to further the understanding of 

environment-creep interactions required for structural assessment procedures for AGRs 

and future Gen IV fission reactors. 
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1 Advanced Gas-cooled Reactor 

technology 

1.1 United Kingdom nuclear energy landscape 

Nuclear fission power plants are currently operational in 32 countries providing 

reliable, steady baseload electricity, amounting to up to 10% of the world’s electricity 

production [1.1]. The United Kingdom is one such country generating around 16% of 

the total electricity produced in 2020 from nuclear power [1.2]. It’s nuclear power 

industry designed and subsequently constructed the world’s first commercial nuclear 

power plant built to generate electricity on an industrial scale, named Calder Hall [1.3]. 

Connected to the national grid in 1956, Calder Hall power plant had four nuclear 

graphite moderated, CO2 gas cooled reactors, which generated electricity for 47 years 

before being decommissioned in 2003 [1.3]. This was the first of Britain’s MAGNOX 

gas cooled type reactors. Up to twelve MAGNOX type reactors were built over the next 

two decades, with the last plant decommissioned in 2015 [1.4].  
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Figure 1.1. The locations of nuclear power stations currently operating within the 

United Kingdom [1.5].  

All but one of the fission reactors currently operating in the country are an evolution 

of the original MAGNOX design; namely the Advanced Gas-cooled Reactors 

(AGRs) [1.3], built around the British coastline as seen in Figure 1.1. The thermal 

efficiency of the AGRs, when running at the full design operational power is a 10% 

increase on other national reactor designs, as well as foreign designed reactors such as 

the Pressurised Water Reactors (PWRs) or Boiling Water Reactors (BWRs) [1.3]. To 

achieve a thermal efficiency of 42%, the operating temperature of the reactor core in 

the AGRs is up to 650 °C, which constitutes an increase of approximately 300 °C on 

the MAGNOX reactor [1.3]. A comparison of the main design characteristics between 

the MAGNOXs and AGRs is presented in Table 1.1. 
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Table 1.1. Comparisons of the main design characteristics between the MAGNOX 

and AGRs [1.6, 1.7].  

Having been constructed between the 1960’s and 1980’s, the AGRs are coming to 

the end of their original 30-year design life [1.8]. The majority of AGRs were originally 

scheduled for closure before 2020; however, each reactor has had their service life 

extended [1.9]. EDF Energy is the current owner and operator of all AGRs. The current 

scheduled closure year for each power plant is presented in Figure 1.2.  

Feature MAGNOX AGR 

Built & commissioned 1957-1971 1965-1990 
Power output 60-540 MWe 555-660 MWe 

Thermal efficiency 31-22% 42% 
Moderator Graphite bricks Graphite bricks 

Primary coolant CO2 CO2 

Fuel Natural uranium fuel 
0.7% 235U 

Enriched uranium fuel 
2.3% 235U 

Fuel channels 2000-6000 ~ 300 

Fuel cladding Magnesium alloy AL80 
0.8Al-0.04Be-bal Mg 

Nb-stabilised 25Cr-20Ni 
stainless steel 

Fuel temperature 420-455 °C ~ 850 °C 
Primary coolant outlet 

temperature 340-410 °C ~ 650 °C 

Primary coolant 
pressure 9-26 bar 40 bar 

Secondary coolant outlet 
temperature  310-390 °C ~ 540 °C 

Secondary coolant 
pressure 14-100 bar 160 bar 

Cooling pipework Mild steel 

Various incl. low/medium 
carbon steels, Cr-Mo-V 

steels and austenitic 
stainless steels dependant 

on the operating 
temperature of the 

component 
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Figure 1.2. Original and expected closure dates for the AGRs [1.9].  

Operating a high temperature nuclear power plant presents particularly challenging 

structural integrity issues [1.8]. The prolonged exposure of components to AGR service 

conditions results in significant environmental degradation mechanisms, which 

ultimately can alter their mechanical performance and structural integrity [1.10]. 

Additionally, some structures and components are difficult to repair or replace, with 

many still being the same components installed when the power plants were built 

between 1960 and 1980 [1.8]. Consequently, the integrity of these components can be 

considered a life-limiting issue.  

Boilers and structural components located within the primary cooling circuit of the 

AGRs are subjected simultaneously to high temperatures and to a gaseous primary 

coolant made up of mainly CO2 [1.8]. Typically operating between 460 – 620 °C, the 

superheater and reheater sections of the boilers are fabricated from type 316H austenitic 
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stainless steel [1.10]. Under the prolonged exposure to the CO2-rich primary gas coolant 

reactor conditions, 316H austenitic stainless steels exposed to temperatures above 

480 °C and are susceptible to environmental degradation mechanisms including (near-

)surface carburisation [1.10]. Additionally, when 316H austenitic stainless steel 

components are operated at high temperatures such as greater than 500 °C, 316H 

austenitic stainless steel is also prone to both thermal creep and creep-fatigue 

degradation mechanisms [1.8, 1.10, 1.11]. Tolerance to creep and creep-fatigue in 316H 

austenitic stainless steels is affected by the appearance of surface carburisation 

environmental degradation which embrittles the surface microstructure enhancing the 

susceptibility to creep cracking [1.8, 1.10]. It has been reported by the operators of the 

AGRs, in response to the emergent issue of the effect of carburisation on creep 

tolerance, that the advised action is to lower the operating temperatures in order to 

reduce the effect of creep, together with an increase in plant inspections [1.8]. By 

reducing the operating temperature, the reactor efficiency and power output are reduced. 

Structural assessment procedures evaluate the lifetime of high temperature components. 

These procedures require accurate models of material’s behaviour, to provide a reliable 

life performance prediction. To do this, an understanding of the fundamental 

mechanisms that govern the embrittlement and creep cracking phenomena in stainless 

steel components of AGRs under relevant environmental conditions must be developed.  

1.2 Advanced gas-cooled reactors 

Seven AGRs were built around the United Kingdom, with each power station 

having two reactor units within a common structure. Each reactor outputs in the range 

of 555 MWe to 660 MWe [1.6]. Dungeness B was the first to be built and was the first 

to be decommissioned, having generated electricity from 1983 until 2018 [1.12]. The 
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remaining six were built in pairs to three slightly different designs, although still using 

a graphite moderated, CO2-cooled arrangement [1.6].  

A schematic of an AGR is presented in Figure 1.3 and highlights some of the 

important reactor components, including the reactor pressure vessel which contains the 

reactor core, fuel and fuel channels, the boilers and the superheater. Also presented in 

the figure are material degradation mechanisms of concern for different sections of the 

plant.  

 

Figure 1.3. Schematic of an AGR power plant .  
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The reactor core is made from an arrangement of thousands of inter-locking 

graphite bricks which act as moderator, as shown in Figure 1.4. Inserted into vertical 

channels within the graphite core are fuel rods containing enriched uranium dioxide 

(UO2), clad in Nb-stabilised 25Cr-20Ni stainless steel [1.3]. Alongside the fuel are 

control rods made from boron-containing steel, which can be raised and lowered to 

control the nuclear fission reaction.  

 

Figure 1.4. (a) Graphite fuel channel and (b) reactor core arrangement during the 

construction of Heysham II plant [1.6].  

The primary coolant used to extract heat from the reactor is mainly CO2 with minor 

additions of 1 vol.% CO, 300 vppm CH4, 500 vppm H2O and 100 vppm H2 [1.10]. 

Large gas circulators pump the CO2-rich gas into the reactor core at an inlet temperature 

of approximately 300 °C [1.6]. The nuclear fission reaction heats up the CO2-rich gas, 

exiting at the top of the reactor core at approximately 650 °C. The gas coolant then 

passes through the AGR boilers in the primary reactor loop, as shown in Figure 1.5. The 

many operational benefits linked to using gaseous CO2-rich coolant include its low 

absorption of thermal neutrons and its high thermal conductivity [1.6]. In addition, the 
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use of CO2 in a gaseous state has safety advantages, such as it is not explosive or highly 

reactive. Moreover, there is no possibility of the CO2 changing state, unlike the risk 

associated with steam bubbles forming within the water coolant in pressurised water 

reactors [1.3]. However, the damaging effect of potential CO2 emissions on climate 

change is now well reported, and thus the overall environmental impact of AGRs cannot 

be ignored. The use of CO2 as coolant is also another unique feature of the AGRs, as no 

other civil nuclear power plant uses CO2 as their primary coolant. As such, the technical 

challenges associated with using CO2 are unique to the AGR fleet [1.8]. The additions 

of CO and CH4 to AGR primary gas coolant reduce the oxidation rate of the graphite 

core [1.6]. H2 and H2O are also added to the primary gas coolant mixture as part of 

managing the ageing process of the graphite however, H2 and H2O also exist within the 

gas mixture as an impurity, introduced from leaking secondary coolant loop pipes. 

Oxidation leads to graphite weight loss that can affect the mechanical integrity of the 

graphite bricks and reduce its effectiveness as a moderator [1.6]. Graphite weight loss 

is potentially a life limiting concern for the reactor [1.6].  
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Figure 1.5. The gas flow direction within the reactor core and boilers adapted 

from [1.6]. 

Each AGR was designed with eight boilers, each containing a network of boiler 

tubes which transfers heat from the hot primary coolant (primarily CO2 gas) to the 

secondary coolant (water/steam) [1.6]. The steam exists the boilers at ~ 550 °C, where 

it goes on to turn a turbine and generator to produce electricity [1.6].  

The boilers are made from a wide range of structural steels as is shown in Figure 

1.6. For operation below 350 °C, plain carbon steel is used to fabricate boiler 

sections [1.13].For operation between 350 and 480 °C , 9Cr-1Mo steels are wildly 

installed in the boilers [1.13]. Above 480 °C, 316H austenitic stainless steel is used at 

the hottest part of the reactor core and boilers and also in most of the secondary cooling 

circuit. 
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Figure 1.6. Schematic showing the breakdown of materials used in each AGR 

boiler [1.5].  

Both the reactor core and boilers are encapsulated within the reactor pressure 

vessel, which is contained in pre-stressed concrete [1.6]. This makes access to these 

parts of the plant extremely difficult [1.6]. Due to the aggressive AGR service 

environment, the AGR boilers require extensive and careful monitoring to ensure they 

operate reliably over time. 

1.2.1 Creep and creep-fatigue in the AGR environment  

One particular structural integrity issue which affects AGR boiler pipework is the 

time-dependent, plastic deformation at extended durations of mechanical load and high 

temperatures, known as creep [1.8, 1.10, 1.11, 1.14]. The accumulation of creep 

deformation can lead to undesirable changes in component dimensions and, eventually, 

to the formation of cracks and unexpected component failure [1.11].  
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Austenitic steel boiler sections in the AGR primary loop, where the main 

degradation mechanism of concern is creep-fatigue crack initiation and subsequent 

crack growth [1.8, 1.10, 1.11, 1.14]. will be impacted by reactor shutdowns [1.11]. The 

shutdowns typically result in a reduction in operating temperature whilst maintenance 

or re-fuelling is carried out. The cyclic increase and decrease of temperature while still 

under mechanical load leads to complex thermo-mechanical loading states in the boiler 

components. These loading arrangements can induce material damage that enhances the 

initiation and subsequent propagation of cracks in components that experience such 

cycles, for example boilers [1.11]. The combination of (thermal) cyclic damage and 

creep deformation is called creep-fatigue [1.11].  

Structural assessment procedures have been developed to assess the integrity of 

nuclear and conventional power plants operating at high temperatures. The R5 structural 

assessment procedure is currently used by EDF Energy for metallic components that 

operate in the AGRs at temperatures in the range of 470 to 650 °C [1.11, 1.15]. This 

methodology evaluates the remnant life of a component in two parts. The first 

determines creep-fatigue crack initiation of an initially ‘defect-free’ structure. The 

second considers the remnant life of a cracked component under creep or creep-fatigue 

loading conditions. The development and confidence in the R5 procedures has been 

obtained by successive experimental validation studies examining tensile, creep and 

creep-fatigue degradation mechanisms [1.15]. The investigations have studied virgin 

and service exposed materials removed from both the primary and secondary cooling 

circuits, including parent and weld material with simple and complex thermo-

mechanical loading scenarios, supported by theoretical and numerical research [1.15].  

  



Chapter 1: Advanced Gas-cooled Reactor technology 

   49 

1.2.2 Carburisation in AGR environment  

In the mid 2000’s, inspections identified an increase in defects within superheater 

boiler components, thought to be caused by creep degradation mechanisms [1.8]. Figure 

1.7a provides details of the superheater located at the top of the boilers and highlights 

the regions of increased plant inspections. This was not predicted by the R5 procedure. 

The microstructural analysis shows creep dominated creep-fatigue growth 

mechanisms (see Figure 1.7b) [1.8].  

 

Figure 1.7. (a) Schematic of the superheater header located at the top of a AGR 

boiler highlighting the tailpipes which were of concern. (b) Image of creep 

dominated creep-fatigue growth mechanisms [1.8].  
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An investigation identified that the superheater boiler sections fabricated from 

(austenitic) type 316H stainless steel components were susceptible to environmental 

attack by the high service temperatures and CO2 primary gas coolant [1.8, 1.10]. This 

results in continuous carbon intake in austenitic stainless steels, and the development of 

a substantial near-surface carburised region after long service exposures, as illustrated 

in Figure 1.8a. Carburisation has been found to embrittle 316H austenitic stainless steel 

components close to the surface, causing an increased susceptibility to creep cracking 

and a reduction in remaining life [1.8, 1.10]. An image showing a brittle fracture surface 

of carburised component is presented in Figure 1.8b. The only current method to 

minimise carburisation in AGRs is to reduce the operating temperature of the plant in 

order to reduce the impact of creep. If the temperature of plant was reduced by 30 °C, 

then the creep rate would reduce by a factor of ten. However, a lower operating 

temperature reduces the power output of plant. It is therefore critical to understand in 

more detail the phenomenon of carburisation and its implication on creep and creep 

cracking. 
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Figure 1.8. Changes in the microstructure of type 316H austenitic stainless steel 

after exposure to CO2 AGR primary gas coolant. (a) Etched cross-sectioned optical 

image showing the environmental degradation of the steel surface due to oxide 

formation and beneath this, near-surface carburisation. The outer most grains and 

inner grain boundaries are decorated indicating the presence of inter and 

intragranular precipitates [1.10]. (b) Image of a fracture surface of an ex-service 

bifurcation fabricated and removed from a superheater boiler section illustrating 

a brittle fracture morphology [1.8].  

The physical properties for carburised 316H austenitic stainless steel were derived 

by mechanically (tensile, creep and fatigue) testing carburised specimens; however, this 
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is limited to one cast (also known as ‘lot’ or ‘batch’) of type 316H austenitic stainless 

steel that has been exposed to a single carburising condition [1.16]. From this 

experimental dataset, a simplified R5 assessment methodology has been proposed for 

the treatment of creep-fatigue crack initiation for carburised components using the 

carburised properties [1.16]. However, whilst the assessment methodology reflects the 

reduced creep ductility of carburised 316H austenitic stainless steel, the procedure does 

not consider the increased creep deformation resistance induced by the significantly 

modified material properties of the carburised layer [1.16]. Whilst this approach is 

based on the best understanding of carburised layer material properties at the time, it is 

based on a limited dataset [1.16]. Consequently, there is a requirement to develop a 

greater understanding of the creep behaviour of carburised components, including 

additional experimental and modelling work, to allow for more accurate remnant life 

predictions.  

It is envisaged that the future energy mix will include Generation IV fission and 

advanced modular reactors (AMR) designs [1.17]. These are typically designed to 

operate at very high temperatures (in excess of 500 °C) and use novel coolants, 

introducing structural integrity issues that are similar to those being experienced by the 

AGRs [1.18, 1.19]. One such example is the Westinghouse lead-cooled reactor which 

will operate at temperatures close to 700 °C, utilising molten lead as the primary coolant 

and supercritical CO2 as the secondary coolant [1.20]. In addition, the UK Government 

has recently selected the High Temperature Gas Reactors (HTGR) as the most 

promising Generation IV reactor design concept [1.21].  A demonstration HTGR is 

stated to be built by the early 2030s [1.21]. Whilst it is envisaged that this reactor will 

use helium as the primary coolant, it is also anticipated that graphite will be the 

moderator, and therefore C-bearing species are likely to be present within the gas 



Chapter 1: Advanced Gas-cooled Reactor technology 

   53 

coolant mixture [1.19]. No international structural integrity assessment procedures 

currently consider the effect of those novel service environments on the creep 

performance of structural reactor components. Therefore, the technical expertise to 

address the high temperature structural integrity issues for AGRs can also be adapted, 

at least in an initial phase of technology assessment and adoption, for future high 

temperature nuclear reactor designs [1.19].  
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2 Scope of thesis 

2.1 Motivation 

Carburisation is detrimental to the creep cracking resistance of type 316H austenitic 

stainless steel boiler components in AGRs. The presence of carburised type 316H steel 

components in AGRs is a relatively new observation from late 2000s [2.1] and, as such, 

carburisation has only recently been taken into account and incorporated in the EDF’s 

R5 structural assessment procedure [2.2]. In order to provide representative material 

models for accurate remnant life predictions of carburised components, there is 

necessity to firstly expand the current knowledge of the processes and mechanisms 

involved in carburisation, and secondly, further develop understanding the effect a thin 

layer of carburised material has on the bulk material properties.  

2.2 Aims and objectives 

The overall aim of this project was to investigate the effect of carburisation on the 

creep mechanics of two casts of type 316H austenitic stainless steel used in boiler 

components in the primary cooling loop of AGRs. To do this, creep specimens were 

pre-carburised in simulated AGR primary gas coolant, alongside small coupons that 

were removed at selected intervals. Extensive metallographic examination of the creep 

specimens and coupons was conducted to provide an understanding of the 

microstructural evolution due to carburisation and subsequently creep. The objectives 

of this work are:  
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• To provide a mechanistic understanding of the simultaneous oxidation and 

carburisation of type 316H austenitic stainless steel in AGR service conditions. 

• To investigate the impact of carburisation on the creep performance and 

cracking behaviour of type 316H austenitic stainless steel, so as to better inform 

integrity assessment codes of carburised steel components used in AGRs. 

• To examine the deformation mechanisms and creep-induced changes in local 

microstructure that operate within the near-surface carburised layer of type 

316H austenitic stainless steel. 

2.3 Structure of the thesis 

This thesis is structured to encompass a technical critical literature review on 

subject matters relevant to this project, as presented in Chapters 3 to 5. The experimental 

methodology is detailed in Chapter 6. Chapters 7 to 9 contain novel studies and 

scientific insights delivered within this project and published in peer-reviewed scientific 

journals. Each experimental study has been presented individually, consisting of an 

abstract, introduction, experimental, results and discussion sections. However, those 

three chapters follow a logical order and interrelation, going from the 

oxidation/carburization phenomena (Chapter 7) to the bulk creep behaviour & cracking 

(Chapter 8) and finally the local microstructural changes induced in the carburised layer 

during creep testing (Chapter 9). Chapter 10 concludes the studies undertaken and 

reported in the thesis, by providing an overarching discussion on the results. 

Chapter 3 introduces the fundamentals of stainless steel metallurgy, particular 

emphasis being placed on metallurgical aspects relevant to type 316H austenitic 

stainless steel, as well as the characteristics which have an important role in the 
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oxidation, carburisation and creep behaviour. This includes a review of the 

microstructural features of steels.  

Chapter 4 contains a comprehensive review of literature on the environmental 

degradation mechanisms of stainless steels in CO2-rich environments, introducing basic 

oxidation theory, the different oxidation kinetic models and common oxide types 

observed in high-temperature oxidation of steels. Furthermore, this Chapter reviews the 

carburisation mechanism and the relevant published literature. This includes the 

influence of the environment (i.e. gas chemistry, temperature and pressure) and 

metallurgy of the steel (microstructure and chemistry) that affect oxidation and 

carburisation.  

Chapter 5 introduces EDFs R5 structural assessment procedure, followed by a 

description of the tensile and creep deformation mechanisms that operate in steels at 

elevated temperatures. A review of the published literature on mechanical testing in 

carburising environments of pre-carburised test pieces is also provided.  

Chapter 6 considers the experimental methodology used in this project, including 

the preconditioning process used to carburise the coupons and creep specimens. This 

chapter details the sample preparation and environmental conditions used. It also 

contains the testing methodologies employed to characterise the mechanical properties 

of carburised specimens, and the microstructural characterisation conducted on the 

coupons and creep specimen’s post-test.  

Chapter 7 discusses the oxidation and carburisation behaviour of the two casts of 

316H austenitic stainless steel at temperatures (550 and 600 °C). The results and 

discussion of this work, detailing the rate-controlling step for both processes and the 
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influence of cast-to-cast (also known as ‘lot-to-lot’ or ‘batch-to-batch’) variations on 

carburisation, are presented.   

Chapter 8 evaluates creep specimens which were also pre-carburised at the same 

carburising conditions as the coupons in Chapter 7 in simulated AGR primary gas 

coolant environment. The creep performance of the pre-carburised specimens was then 

assessed in air at 550 °C and at lower (plant relevant) applied stresses. This investigation 

involved interrupting the pre-carburised creep specimens at particular creep strain 

levels, after which they were sectioned, and their cracking characteristics determined.  

Chapter 9 presents the results from the extensive SEM and TEM characterisations 

of the sectioned interrupted creep specimens. It examines in particular the creep 

deformation phenomena that takes place within the thin carburised layer of material.  

Chapter 10 delivers an overall discussion on the work presented in this thesis with 

Chapter 11 presenting the conclusions of the project. Chapter 12 is the final chapter 

which contains suggestions for future work. 
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3 Fundamentals of stainless steel 

metallurgy  

A brief review of the fundamental aspects of the metallurgy of steels is given in 

this chapter, which will be of relevance in the result and discussion sections of this 

thesis. Focus is given to type 316 austenitic stainless steel which was investigated 

during this project, and the relevant microstructural features, metallurgical 

mechanisms/phenomena discussed in this thesis.  

Type 316 steel is widely used in many engineering applications, due to its corrosion 

resistance and mechanical strength at high temperatures [3.1]. Boiler components which 

are subject to prolonged exposure within the AGRs service environment use a particular 

grade of this steel with a carbon content of 0.04 – 0.10 wt.%, namely ‘type 316H’ [3.1]. 

That carbon content increases the occurrence of carbides, which in turn enhances the 

material’s tensile strength and creep resistance [3.1].  

3.1 Lattice defects  

Simple models of metallic crystalline structures describe atoms in perfect 

arrangement; however, defects within the crystal lattice exist disrupting the regular, 

periodic arrangement of atoms. The mechanical performance and corrosion resistance 

of the material is impacted by the number and type of defects present within the crystal 

structure.  

Point defects whereby an imperfection within the 3-D crystal lattice exists at a 

single point are common within metals [3.2] and include vacancy, self-interstitial, 
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substitutional and interstitial defects [3.2]. More information on point defects can be 

found in reference [3.2].  

Dislocations are another type of lattice defect which are formed during the 

manufacturing process from thermal stresses, and also during plastic deformation such 

as creep [3.3]. When a material is under an applied stress beyond yielding, dislocations 

move (glide) within a crystal lattice enabling slip or plastic deformation to occur [3.2, 

3.3]. Dislocation dynamics is a rate-limiting process during creep deformation of 

austenitic stainless steels [3.4]. Further information on dislocations can be found in 

reference [3.3]. 

3.2 Grain boundaries 

Polycrystalline metallic materials are comprised of many crystals or grains which 

are formed during the solidification process. The size and morphology of the grains is 

determined by the cooling rate and the elemental composition of the alloy. The different 

crystallographic orientations of two adjacent grains results in an atomic mis-match at 

the location where they meet; this area is called the ‘grain boundary’ and is a lattice 

defect. Further information on grain boundaries can be found in reference [3.5]  

Grain boundaries can be classified into two groups either tilt or twist boundaries, 

both of which are shown in Figure 3.1. The miss-match caused by the differing 

crystallographic orientations of the grains leaves space up to several atoms thick in local 

areas close to the grain boundary. The grain boundary space results in high surface 

energies: the more space the higher the surface energies. This makes grain boundaries 

to act as preferential sites for phenomena such as chemical segregation and precipitation 

of second phases, leading to more complex structures such as phase boundaries [3.2, 
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3.5, 3.6]. As such, they play an important role in a material’s corrosion resistance and 

mechanical strength. 

 

Figure 3.1. Grain boundary families (a) tilt and; (b) twist[3.5]. 

Owing to the importance of grain boundaries to a range of phenomena, they have 

been extensively studied. Taiwade et al. [3.6] investigated the influence of grain size on 

chemical segregation. Widely observed in austenitic type 316H stainless steels at 

elevated temperatures, chemical segregation occurs as a result of the diffusion of 

alloying elements, such as Cr. This can lead to precipitation of second phase particles 

such as carbides at grain boundaries, and consequently depleting neighbouring areas 

locally of Cr as is schematically illustrated in Figure 3.2. The structural integrity of 

components can be impacted by  grain boundaries depleted of Cr (‘sensitised’), due to 

a reduction in the affected  grain boundary’s ability to withstand corrosive attack. 

Taiwade et al. [3.6] found a reduction in the width of the Cr-depleted region with 

increasing grain size. The subject of Cr sensitisation has been widely studied [3.7-3.10].  
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Figure 3.2. Schematic of grain boundary carbide precipitation and Cr sensitisation 

in austenitic stainless steels [3.6].  

Other studies have investigated the influence of grain boundaries on the local 

microstructure and material’s mechanical strength. Fukuya et al. [3.11] used EBSD to 

track the microstructural deformation as shown in Figure 3.3. They detected a clear 

increase in local misorientation in the areas directly near to grain boundaries in 

plastically deformed 316 steel.  

 

Figure 3.3. Misorientation map from EBSD data at various strain levels of the 

same area of interest in 316 steel showing the misorientation mainly localised at 

grain boundaries [3.11]. 
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thermal cycle of 1 h ageing at 973 K gives high DOS for all

solution annealed samples, whereas %DOS subsequently

decreases with increase in ageing time. The lowest %DOS

values of 18.25, 17.48 and 16.55 were observed for samples

which were solution annealed at 1 423 K for 1 h, 2 h and

3 h respectively with larger grain sizes (111, 118 and 135 µm).

This shows the influence of grain size on desensitization

kinetics of Cr–Mn SS steel. Because during solution anneal-

ing, coarser grains attributed to desensitization which refers

to replacement of Cr in the Cr-depleted zone resulting in

homogenization. It was also found that for shorter duration

of annealing resulted in fine grain size which offers more

sites for attacking grain boundaries and developing thicker

depleted regions and hence more susceptible to IGC.

The width of Cr-depleted zone was further confirmed with

the help of EPMA line scan. Figure 5 shows the schematic

including grain matrix, grain boundaries, Cr-carbide precip-

itation and width of the Cr-depleted region.  The EPMA line

scan of solution annealed samples aged at 973 K for 1 h is

shown in Fig. 6. The line p-p’ indicates the section along the

grain boundary where the EPMA scan was performed. The

EPMA scan was conducted on three different solutionized

samples (1 323 K, 1 373 K and 1 423 K aged at 3 h) sensi-

tized at 973 K and their grain sizes were 80, 88 and 135 µm

respectively. The minimum chromium concentration for

these samples was found to be 7.25, 8 and 8.20 wt% and the

corresponding width of Cr-depleted region was measured to

be 11.5, 9.75 and 9 nm respectively. This reduction in width

attributed to increase in grain size and decrease in DOS.

4. Conclusions

(1) Influence of solution annealing temperature on grain

size was evaluated qualitatively using ASTM standard A

262 practice-A test.

(2) Effect of grain size on DOS was evaluated quanti-

tavely using DLEPR test.

(3) The inverse co-relationship between the grain size

and DOS was established and it endorsed in minimizing the

effect of sensitization and intergranular corrosion.

(4) EPMA line scan confirms that the reduction in

width of Cr-depleted region attributed to increase in grain

size and decrease in DOS.
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The higher lattice misorientation at grain boundaries leads to the grain boundaries 

acting as sinks for vacancies and inhibiting dislocation motion [3.11-3.13]. Therefore, 

grain boundaries provide an important role in the mechanical properties a material 

possesses. For example, a material that exhibits a small grain size has a larger number 

of grain boundaries as compared to a larger grain size material, and thus will have 

enhanced ability to hinder dislocation motion. Material models, such as that described 

in [3.14], indicate that grain boundaries are not associated with the rate controlling 

process for plasticity; however, there is a breadth of experimentally evidence on type 

316 steel which suggests otherwise. The tensile properties was investigated by 

Qin et al. [3.15] who reported an increase in tensile strength with smaller grain size (see 

Figure 3.4a).  

 

Figure 3.4. The impact of grain size on the mechanical properties of type 316 steel 

at 600 °C is evident, with the increasing grain size causing (a) an increase in tensile 

strength along with a reduction in ductility [3.15], and (b) an increase in creep rate 
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in addition to a reduction in creep ductility [3.16]. See Section 5.2 for more 

information on creep behaviour.  

Additionally, Mannan et al. [3.16] examined the creep behaviour in 316 steel at 

600 °C and various stresses, with the creep response at 260 MPa presented in Figure 

3.4b. These show that grain boundaries contribute to significant strengthening of steels 

with a smaller grain size, having greater creep resistance than those with a larger grain 

size. Whilst this may be the case at high applied stresses, Mannan et al. [3.16] also 

examined the creep response at lower temperatures such as 500 °C and lower stresses. 

At the lower temperatures and stresses, the impact of grain boundaries on creep is 

reduced, being attributed primarily to carbide precipitation and dislocation 

entanglement. Grain boundary sliding can be the dominant mechanism which 

determines the creep performance [3.17, 3.18]. 

 

Figure 3.5. Schematic diagram showing low and high-angle grain boundaries and 

the adjacent atom positions [3.2]. 
also indicated in the figure. When the angle of misorientation is parallel to the
boundary, a twist boundary results, which can be described by an array of screw dislo-
cations.

The atoms are bonded less regularly along a grain boundary (e.g., bond angles
are longer), and consequently, there is an interfacial or grain boundary energy

116 ● Chapter 5 / Imperfections in Solids
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Grain boundaries can be separated into two categories according to the 

misorientation angle (θ). When the misorientations are less than 10 – 15°, the 

boundaries are termed a low angle grain boundary (LAGB) [3.19, 3.20]. Those 

boundaries with a misorientation above 10 – 15° are termed high angle grain boundaries 

(HAGBs) [3.19, 3.20]. A schematic showing LAGB and HAGB is presented in Figure 

3.5. For this work, LAGBs were defined as those angles between 5 and 15°. 

Moreover, during plastic deformation the agglomeration and re-arrangement of an 

increasing density of dislocations produces subgrain structures [3.14, 3.21]. Subgrain 

boundaries are generally considered to have a misorientation of 1 – 2°, but this increases 

with more plastic deformation [3.14]. Their effect is contested in literature with 

Han et al. [3.22] suggesting that the presence of subgrain structures alters the stress 

field strengthening the material. However, Kassner [3.14] states the role of subgrain 

boundaries, and also LAGB and HAGB are not associated with the rate controlling 

process for plasticity.  

The network of grain boundaries within a material includes the presence of grain 

boundary triple junctions (commonly shortened to ‘triple junctions’). They are points 

within a lattice where three grains, and grain boundaries, meet as shown in Figure 

3.6a [3.23-3.26]. Gottstein et al. [3.24] has shown that triple junctions possess finite 

mobility when a material deforms, and thus their presence can hinder grain boundary 

motion. Because of their influence on deformation, they are important microstructural 

features which affect the material’s mechanical properties [3.24-3.27]. At triple points, 

higher lattice distortions are observed, which may also be termed ‘misorientation of 

strain’ (see Figure 3.6b). Additionally, triple junctions act as sinks for dislocations, 

increasing the lattice distortion further (see Figure 3.6b). High lattice distortions have 

been linked to an increase in prevalence of crack initiation at those high distorted 
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regions, having a detrimental impact on mechanical properties, including the creep 

tolerance of the material [3.26, 3.28].  

 

Figure 3.6: Illustrative Electron Backscattered Diffraction (EBSD) map of a 316H 

austenitic stainless steel with a Mn content of 0.98 wt% showing the presence of 

grain boundary triple junctions and their effect on lattice distortion as indicated 

by the white arrows. (a) Band contrast and (b) Kernel Average Misorientation 

(KAM) indicative of local lattice misorientation. See Section 6.4.7 for more 

information on EBSD.  

3.2.1 Coincident site lattice 

For many grain boundaries, there is no apparent symmetry between the two lattice 

structures: these are termed ‘random grain boundaries’. However, for materials with a 

cubic lattice, the categorisation of grain boundaries can be extended further using the 

Coincident Site Lattice model (CSL) [3.29, 3.30]. In such cases, a proportion of the two 

neighbouring lattices will coincide, forming a periodic superlattice in three 

dimension [3.29, 3.30]. An example of a CSL boundary is illustrated in Figure 3.7.  
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Figure 3.7. Example of a CSL boundary with (a) a schematic of two neighbouring 

lattices and (b) the locations of atoms from the two neighbouring lattices at the 

CSL boundary. In this case one in five lattice positions are coincident across the 

CSL, and therefore this is a Σ5 relationship [3.29].  

The presence of CSLs can be beneficial to the material’s properties. 

Was et al. [3.28] reported a decrease in creep rate and intergranular corrosion in a Ni-

base alloy with a greater number of CSLs. They proposed that this was caused by the 

reduction in dislocation annihilation due to the increased difficulty of incorporating 

dislocations into CSLs. 

One such CSL boundary in FCC materials is the Σ3 CSL which lies on the {111} 

plane and misoriented at 60°. Σ3 can also be termed ‘twins’ as the lattice structures of 

the two neighbouring grains are considered the mirror of each other. A schematic of a 

twin is presented in Figure 3.8a, alongside an SEM image of the microstructure 

revealing the presence of mechanical twins within a TWIP steel in Figure 3.8b.  

Crystallographic Analysis of Interfaces, Surfaces, and Connectivity 325

The requirement for a CSL analysis of a population of misorientations is 
to identify all misorientations that are “close to” low-Σ CSLs in terms of an 
angular deviation. The structural analogies between low-angle boundaries 
and CSLs led to the adoption for the CSL case of the following well-known 
Read–Shockley relationship, which links the dislocation density d in the 
boundary with the Burgers vector b and the angular misorientation δ:

 
δ = b

d
 ( )low angle

 
(11.1a)

 
v b

dm =  ( )CSL
 

(11.1b)

Thus, vm, the maximum deviation from an exact CSL, corresponds to the 
highest density of dislocations possible in the boundary. The density of dis-
locations that can be accommodated in a CSL is related to its periodicity, Σ. 
The variation of vm with Σ is usually taken to be as Σ–1/2, called the Brandon 
criterion, which corresponds to a relationship based on periodicity alone 
(Brandon, 1966). Hence

v vm = −
0

1 2Σ /  (11.2)

where v0 is a proportionality constant based on the angular limit for 
a  low-angle boundary, which is typically 15°. If Σ = 1 is substituted into 
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FIGURE 11.1
Formation of a coincidence site lattice (CSL) boundary. (a) Notional interpenetration of two 
neighboring lattices misoriented by θ/uvw, where θ and uvw are the angle and axis of misori-
entation, respectively (for simplicity, a tilt boundary is represented). (b) 2-D representation of 
a lattice interpenetration showing how a misorientation of 36.9°/〈100〉 leads to the creation of a 
Σ5 CSL; that is, one in " ve lattice sites from each crystal coincide.
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Figure 3.8. (a) Schematic diagram showing a twin plane with the adjacent atom 

positions (circles) [3.2] and, (b) an SEM image of a TWIP steel showing the 

presence of mechanical twins in the microstructure [3.31]. 

Twins are produced in two ways, the first being annealing twins that occur during 

annealing heat treatments, and are often observed in metals that have an FCC crystal 

structure. The second are mechanical twins that are formed by applied mechanical shear 

forces, resulting in atomic planes moving relative to each other [3.2]. A key deformation 

mechanism for FCC materials such as TWinning-Induced Plasticity (TWIP) steels, 

mechanical twinning interacts with dislocation motion increasing the strain-hardening 

behaviour [3.31]. This behaviour provides the TWIP steels with excellent room 

temperature tensile strength, ductility and work hardenability. CSL boundaries are 

observed in type 316H austenitic stainless steel materials as illustrated Figure 3.9. This 

figure shows a large grain boundary length fraction to be a twin ∑3, and smaller lengths 

of ∑7 and ∑9 CSL boundary types. 
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Figure 3.9. EBSD map of a 316H austenitic stainless steel with a Mn content of 

1.52 wt%, showing the presence of HAGBs and several CSL type boundaries. The 

boundaries are coloured black for HAGB; red for twins Σ3, blue for Σ7 and yellow 

for Σ9 CSL boundaries. See Section 6.4.7 for more information on EBSD. 

3.3 Basics of diffusion theory 

Atomic diffusion has a significant influence in many solid-state phenomena, 

including phase transformations, creep and corrosion. Diffusion involves the stepwise 

migration of atoms from lattice site to lattice site [3.32]. The direction of the atomic 

migration is directed by either the stress state on the material, local atomic 

arrangements, or according to the compositional distribution in the lattice [3.32]. When 

a lattice is under an applied stress, atoms will diffuse preferentially towards where the 

available space is induced [3.32]. For example, during diffusion creep deformation 

mechanisms, atomic diffusion occurs from regions in compression to regions in 

tension (see Nabarro-Herring or Cobble creep in Section 5.1.2.1) [3.33]. When the 

compositional distribution is influencing the atomic migration, atoms will diffuse from 

regions of high chemical potential to regions of low chemical potential [3.32]. The 

diffusion rates in metals are strongly dependant on the temperature, generally increasing 
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in rate at higher temperatures [3.32]. The temperature dependence of the diffusion 

coefficient, 𝐷, is frequently found to obey an Arrhenius-type exponential relationship: 

 𝐷 = 𝐷!	𝑒𝑥𝑝 -
−𝑄
𝑅𝑇2 (3.1) 

where, 𝑅 the gas constant of 8.314 J/Kmol, 𝑇 the temperature in K, 𝐷! and 𝑄 are the 

pre-exponential factor (sometimes called the frequency factor) and the activation energy 

(sometimes given as Δ𝐻 ) respectively [3.32]. Diffusion rates are also strongly 

dependent with mechanical stress as atoms become more mobile. 

 

Figure 3.10. Diffusion mechanisms; a) vacancy-type diffusion and; b) interstitial-

type diffusion. Adapted from [3.34].  

Diffusion can in general be categorised into two primary types, the schematics for 

which is presented in Figure 3.10 and described below: 

• Vacancy diffusion whereby an atom, whether a host or an alloying element, in 

a normal lattice site moves to an adjacent vacant site or vacancy.  

• Interstitial diffusion involves smaller interstitial atoms, such as C, moving from 

an interstitial site to an adjacent free interstitial location. The larger number of 

available interstitial sites leads to and enhanced rate of interstitial diffusion 

compared to vacancy diffusion [3.32].  



Chapter 3: Fundamentals of stainless steel metallurgy 

   72 

When diffusion occurs near an edge dislocation, it is termed ‘pipe diffusion’. An 

edge dislocation has greater free space than the surrounding lattice, and therefore 

diffusion through a dislocation occurs more readily than through the ‘perfect’ 

lattice [3.32]. The same is true for atoms located around grain boundaries which are 

much more mobile than within the lattice [3.35]. For example, the local diffusion rate 

along grain boundaries or dislocations can be as much as 106 times greater compared to 

diffusion within the lattice . As such, they are termed ‘high-diffusivity pathways’ and 

often play a prominent role in the development of the microstructure at elevated 

temperatures [3.32]. The rate of diffusion along dislocation cores can be comparable in 

magnitude to the diffusivities along random HAGBs [3.36]. 

 

Figure 3.11. Diffusion pathways of C atoms at room temperature within a single 

crystal under (a) zero load; (b) tension; (c) compression. C atoms locate in the 

available space in the lattice depending on the loading conditions. [3.37] 

The local stress state of the matrix influences solute diffusivity, as is illustrated in 

Figure 3.11 for the diffusion of C in a hypothetical single crystal [3.37]. Under tension, 

the C diffusivity increases, locating in channels perpendicular to the applied load. 

Compression has the opposite effect, reducing the diffusion rate of C and situating in 

line with the applied load. Therefore, the rate of diffusion is impacted by the available E12 ¼ Em0 " 1
3
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with DP ¼ tr
#
PT " PO$. The effect of the volume expansion is

identical for all three activation energies. Anisotropy arises from the
deviatoric part the strain tensor, via linear combinations of POc " POa
and PTc " PTa , which represent the tetragonal anisotropy of the O and
T interstitial sites. Three particular cases of strain symmetry are of
interest:

1) Isotropic dilatation/contraction.
In this case, 2 ¼ 0. The three migration energies are equal to

Eisotropic ¼ Em0 " 1
3
DP trε; (23)

and diffusion is isotropic. With the data of Table 1, DP ¼ " 2:03 eV,
i.e. isotropic dilatation favors more the octahedral sites than the
tetrahedral sites. Hence, lattice dilatation reduces the diffusivity,
while lattice contraction increases it, as can be checked in Table 2.

2) Uniaxial strain.
With the strain tensor ε ¼ ð0; 0; ε0Þ the three migration en-

ergies are written numerically (in eV):

Euniaxial12 ¼ 0:872" 4:80ε0
Euniaxial13 ¼ 0:872þ 4:63ε0
Euniaxial31 ¼ 0:872þ 2:20ε0

(24)

Fig. 4 exemplifies the corresponding energy paths of migra-
tion in a case of axial expansion (ε0 >0). O3 sites are energeti-
cally favored sites for carbon compared to O1 and O2, while T3
are energetically disfavored compared to T1 and T2. Conse-
quently, the O1/T2/O3 and O2/T1/O3 transverse jumps
have the lowest migration energy: expansion in direction z fa-
vors atomic jumps in the x-y plane. Meanwhile, the axial jumps
O1/T3/O2 and O2/T3/O1 are the most disfavored. Hence,
axial expansion produces transverse in-plane diffusion. On the
opposite, axial contraction favors the axial jumps and produces
axial diffusion, i.e. channeling of the carbon atoms along the
contracted axis. This behavior is confirmed by the KMC results
(see Table 2).

Fig. 3. 300 successive carbon positions during diffusion at 293 K. (a) isotropic diffusion, ε ¼ (0, 0, 0), (b) x-y transverse anisotropy, ε ¼ (0, 0, 0.05), and (c) z-channeling, ε ¼ (0,
0, "0.05).

Table 2
Effect of an applied strain (ε11, ε22, ε33) on the diffusivities Dx, Dy, Dz and D (in m2/s) at
room temperature (T¼ 293 K).

ε11 ε22 ε33 Dx¼Dy Dz D Dz/Dx

0 0 0 2.03& 10"21 2.03& 10"21 2.03& 10"21 1
0.01 0.01 0.01 9.07& 10"22 9.07& 10"22 9.07& 10"22 1
"0.01 "0.01 "0.01 4.53& 10"21 4.53& 10"21 4.53& 10"21 1
0 0 0.01 2.26& 10"21 5.41& 10"23 1.53& 10"21 0.024
0 0 "0.01 4.39& 10"22 1.85& 10"20 6.44& 10"21 42.
0.01 0.01 0 1.97& 10"22 8.26& 10"21 2.88& 10"21 42.
"0.01 "0.01 0 5.06& 10"21 1.21& 10"22 3.41& 10"21 0.024

Fig. 4. Energy paths of carbon migration. Site energies and migration energy Eij for a carbon jump from an octahedral site (Oi) to an octahedral site (Ok) via a tetrahedral site (Tj).
Left: cubic cell ε ¼ (0, 0, 0), right: tetragonal cell ε ¼ (0, 0, 0.01). Axial expansion lowers E12 and favors x-y in-plane atomic jumps.

P. Maugis et al. / Journal of Alloys and Compounds 769 (2018) 1121e11311126
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space in the lattice, and also by the activation energy for the corresponding diffusion 

pathway.  

3.4 Introduction to austenitic stainless steels 

It is important to understand the fundamentals of austenitic stainless steels and their 

microstructures. Having been developed in the early 19th century, steels are an alloy of 

Fe with C up to 2 wt.%. The addition of Cr, equal to or above 12 wt.%, enhances the 

corrosion resistant properties which affords the name stainless steels. The favourable 

properties of austenitic stainless steels are a function of their composition and crystal 

structure. Small changes in composition, together with the service temperature and 

applied mechanical stresses over prolonged periods of time, such as those 316H 

austenitic stainless steel components exposed to AGR service conditions, can alter the 

physical properties of the material.  

3.4.1 Fe-Fe3C phase diagram 

The addition of C to Fe forms carbon steel (Fe-C), increasing the materials strength 

by solid solution strengthening compared to pure Fe. The amount of C and the 

temperature of the steel affects the crystal structure it forms, and therefore the physical 

properties it possesses. The phase diagram for steels is presented in Figure 3.12. Just as 

in pure Fe, there are three crystallographic structures which can form in Fe-C steels at 

ambient pressure. There are: 

• Ferrite which has a BCC lattice structure. In pure Fe, ferrite exists– in two 

regions of stability: 

o α - (alpha) ferrite exists at temperatures up to 912 °C [3.1]. 
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o d - (delta) ferrite exists at temperatuers 1394 °C ≤ T ≤ 1540 °C (Fe 

melting temperature) and its identical crystallographically to α 

ferrite [3.1].  

• Austenite has a FCC lattice structure of Fe and is called γ-Fe (Gamma). Existing 

between 912 °C and 1394 °C for pure Fe [3.1], the addition of C up to 0.76 wt.% 

decreases the temperature at which the austenite exists to 727 °C.  

• Cementite (also termed iron carbide (Fe3C)) has a orthorhombic crystal structure 

and is hard and brittle. Cementite can exist on its own as a phase or coexist with 

either ferrite or austenite forming microconstituents [3.1].  

 

Figure 3.12. Fe-Fe3C phase diagram at atmospheric pressure [3.2].  

 On solidification, carbon atoms will locate primarily in the octahedral interstitial 

sites. The matrix also possesses smaller tetrahedral interstitial sites. Both interstitial 

sites are larger in FCC structures compared to BCC structures, allowing austenite to 

10.18 The Iron–Iron Carbide (Fe–Fe3C) Phase Diagram ● 303

formed, which is represented by a vertical line on the phase diagram. Thus, the
iron–carbon system may be divided into two parts: an iron-rich portion, as in Figure
10.26; and the other (not shown) for compositions between 6.70 and 100 wt% C
(pure graphite). In practice, all steels and cast irons have carbon contents less than
6.70 wt% C; therefore, we consider only the iron–iron carbide system. Figure 10.26
would be more appropriately labeled the Fe–Fe3C phase diagram, since Fe3C is
now considered to be a component. Convention and convenience dictate that com-
position still be expressed in ‘‘wt% C’’ rather than ‘‘wt% Fe3C’’; 6.70 wt% C corre-
sponds to 100 wt% Fe3C.

Carbon is an interstitial impurity in iron and forms a solid solution with each
of ! and " ferrites, and also with austenite, as indicated by the !, ", and # single-
phase fields in Figure 10.26. In the BCC ! ferrite, only small concentrations of
carbon are soluble; the maximum solubility is 0.022 wt% at 727!C (1341!F). The
limited solubility is explained by the shape and size of the BCC interstitial positions,
which make it difficult to accommodate the carbon atoms. Even though present in
relatively low concentrations, carbon significantly influences the mechanical proper-
ties of ferrite. This particular iron–carbon phase is relatively soft, may be made
magnetic at temperatures below 768!C (1414!F), and has a density of 7.88 g/cm3.
Figure 10.27a is a photomicrograph of ! ferrite.

The austenite, or # phase of iron, when alloyed with just carbon, is not stable
below 727!C (1341!F), as indicated in Figure 10.26. The maximum solubility of
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have a greater solubility of C, 0.8 wt.%, compared to ferrite, 0.02 wt.% at 723 °C [3.1]. 

See references [3.1, 3.38] for further information on interstitial sites. Rapid cooling or 

quenching from the FCC phase stability region, with the FCC structure containing the 

greater number of interstitial C atoms, results in the austenitic phase being maintained 

at lower temperatures in a metastable state. Such rapid cooling does not give adequate 

time for the diffusion controlled rearrangement of atoms to transform to ferrite, and 

therefore C remains in solid solution. A solid in this non-equilibrium state will have a 

tendency to evolve, sometimes at a low rate, to a more stable state. This is discussed 

further in Section 3.5. 

3.4.2 Fe-Cr-Ni phase diagram 

In addition to C, other alloying elements can be added to produce a steel with 

desirable properties for a particular application. These can be added as interstitial or 

substitutional atoms. The addition of elements to a carbon steel will alter the phase 

diagram either expanding/compressing the stability range of either the ferrite or 

austenite phase [3.38]. Adding sufficient amounts of g-stabilising alloying elements can 

preserve the austenitic structure at room temperature. Ni and Mn are austenitic 

stabilisers as well as C and N. However, the latter two can also precipitate as second 

phase particles (i.e. carbides and carbo-nitrides).  
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The phase of a steel, such as ferrite or austenite, plays an important role in 

determining the material’s properties. Therefore, equations have been developed that 

estimate the impact of varying amounts of common alloying elements used in steel 

production on the stabilisation of either austenite or ferrite. This is expressed by the 

equivalents of Cr (ferrite stabiliser) and Ni (austenitic stabiliser) at room 

temperature [3.1]: 

𝐶𝑟"#$%&'()*+ = 𝐶𝑟 + 2𝑆𝑖 + 1.5𝑀𝑜 + 5𝑉 + 5.5𝐴𝑙 + 1.75𝑁𝑏 + 1.5𝑇𝑖
+ 0.75𝑊 

(3.2) 

𝑁𝑖"#$%&'()*+ = 𝑁𝑖 + 𝐶𝑜 + 0.5𝑀𝑛 + 0.3𝐶𝑢 + 25.0𝑁 + 30.0𝐶 (3.3) 

All concentrations are given in wt.% [3.1].Those equations can be used in an Fe-Cr-Ni 

phase diagram to identify the phase of an alloy at room temperature. The Schaeffler and 

DeLong diagrams have been developed to show the effects of various combinations of 

austenite and ferrite stabilising elements. These were originally developed for stainless 

steel weld fillers to predict the ferrite levels in welds: ferrite is undesirable in welds as 

it leads to cracking [3.1]. However, the Schaeffler and DeLong diagrams can be used to 

predict the phase of the parent material based on their overall chemical composition. 

The Delong diagram is presented in Figure 3.13 with the equivalent equations used 

noted on the x- and y-axes.  

  



Chapter 3: Fundamentals of stainless steel metallurgy 

   77 

 

 

Figure 3.13. Delong constitution diagram for stainless steel weld metal [3.1]. 

Fe-Cr-Ni alloys are called austenitic stainless steels when the Cr content is between 

16 and 25 wt.%, as well as when the Ni content is between 8 and 20 wt.%. In addition, 

the C content must be kept below 0.1 wt.% to avoid carbide precipitation. Whilst the 

Cr, Mo and Si are ferrite stabilisers, they play an important role in the corrosion 

resistance of stainless steels which is further discussed in Section 4.1.2 [3.38-3.40]. The 

hardenability and material strength at high temperatures is improved with the additions 

of Mo and Mn [3.38]. The creep strength of the material is improved with additions of 

C by solid solution strengthening. The two main groups of austenitic stainless steels are 

the 200 and 300 AISI series. The compositions of some of the main 300 series steels 

are presented in Table 3.1.  
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Table 3.1. Composition of AISI 300 series steels. All concentrations are given in 

wt.%. unless stated and balanced with Fe. [3.1]  

*In addition to the high C variant (316H) of 316 steel, there are several other variants. 

This includes a low C variant 316L (0.03 wt.% C), N controlled variant 316N 

(0.10 – 0.16 wt.% N) and a combination of the two 316LN (0.03 wt.% C, 

0.10 – 0.16 wt.% N).  

  

AISI 
No. C Si Mn Cr Mo Ni N Other 

301 0.15 1.0 2.0 16-18 - 6-8 0.10 - 

302 0.15 1.0 2.0 17-19 - 8-10 0.10 - 

304 0.08 1.5 2.0 18-20 - 8-12 0.10 - 

310 0.25 1.0 2.0 24-26 - 19-22 - - 

316* 0.08 1.0 2.0 16-18 2-3 10-14 0.10 - 

316H* 0.04-0.10 1.0 2.0 16-18 2-3 10-14 - - 

321 0.08 1.0 2.0 17-19 - 9-12 0.10 5 ´ %C min Ti 

347 0.08 1.0 2.0 17-19 - 9-13 - 10 ´ %C min Nb 
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From the Fe-Cr-Ni phase diagram in Figure 3.14, type 316H austenitic stainless 

steel which has 18 wt.% Cr and 12 wt.% Ni (18/12) presents an austenitic structure at 

750 °C. This is above the operating temperature of 650 °C of the AGR boilers.  

  

Figure 3.14. Isothermal section of Fe-Cr-Ni diagram at 750 °C calculated using 

MTDATA and SGTE database. Type 316H (noted by 18/12) stainless steel lies in 

the austenitic field [3.42]. 
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Figure 3.15. Compositional effects on the cubic lattice parameter for 316 

steel [3.41]. 

The addition of alloying elements in solid solution can induce strain fields on the 

lattice [3.2]. Increasing additions of alloying elements can therefore alter the lattice 

parameter. The change in lattice parameter from different elemental compositions is 

illustrated in Figure 3.15, and can be estimated for austenitic type 316 steel by the 

following equation [3.41]: 

𝑎 = 3.5780 + 0.033𝐶 + 0.00095𝑀𝑛 − 0.0002𝑁𝑖 + 0.0006𝐶𝑟 

+0.0220𝑁 − 0.0015𝐶𝑢 + 0.0031𝑀𝑜 + 0.0051𝑁𝑏 + 0.0039𝑇𝑖 
(3.4) 

For the alloying elements common to type 316 steel, the addition of Si has little effect 

on the lattice parameter and Ni induces a small decrease. The remaining elements 

increase the lattice parameter to varying amounts (see Figure 3.15) [3.41]. The lattice 
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parameter at room temperature for type 316H austenitic stainless steel with a Mn 

content of 1.52 wt.% (investigated in this thesis) was calculated using Equation 3.4 to 

be 0.359 nm. 

Whilst the phase diagram in Figure 3.14 shows type 316 steel to be fully austenitic 

at 750 °C, non-equilibrium solidification during the manufacturing process can result 

in small volumes of δ-ferrite within the austenitic microstructure such as that shown in 

Figure 3.16. The ferrite is formed as a result of high cooling rates as well as 

inhomogeneities in composition [3.43, 3.44]. The lattice parameter at room temperature 

for δ-ferrite is 0.286 nm [3.1] and will have an Kurdjumov-Sachs orientation 

relationship with the surrounding austenitic lattice structure, i.e. 

{110},Q{111}-: 〈111,〉Q〈101〉- [3.45].  

 

Figure 3.16. Indicative micrograph showing the presence of δ-ferrite phase within 

an austenitic stainless steel matrix [3.46].  

3.5 Precipitate formation and stability 

As discussed above in Section 3.4.2, type 316 stainless steels at high temperatures 

should be fully austenitic according to its chemical composition and phase diagram. 

However, the addition of alloying elements leads to the formation of second phases such 

a TENUPOL device using H2SO4 + 80% CH3OH
as electrolyte. The TEM investigations were per-
formed at an accelerating voltage of 200 kV using
a FEI Tecnai 20 FEG microscope equipped with
an electron energy loss spectrometer (EELS) and a
Gatan image filter (GIF). for EFTEM (energy fil-
tered TEM) measurements. The EELS spectra were
measured with the focused probe in the STEM
regime using a high-angle annular dark field
(HAADF) detector with a 3 mm window.

3. Results and discussion

The micrographs shown in Figs. 1 and 2 exhibit
the steel microstructure in the solution-annealed
condition, revealing the presence of recrystallised
grains, annealing twins, and delta ferrite islands.

Stainless steels can solidify by several mechanisms
or modes: ferritic or mode A (L! L + d! d);
ferritic–austenitic or mode B (L! L + d! L +
d + c! c + d); austenitic–ferritic or mode C
(L! L + c! L + c + d! c + d) and austenitic
or mode D (L (liquid)! L + c! c). The predic-
tion of their solidification mode and sequence may
be successfully evaluated in advance using chro-
mium and nickel equivalence ratios [22]. Delta
ferrite was formed during solidification and not
completely dissolved during thermo-mechanical
processing and subsequent solution annealing. The
annealing twins are typical of low-stacking-fault-
energy FCC metals and solid solutions [23].

The sequence of precipitation and resolution or
dissolution (in the case of M23C6) of the various
phases are summarized in Fig. 3.

The M23C6 (M = Cr,Fe,Mo,Ni) carbide is nor-
mally the first phase to form in austenitic stainless
steels. Precipitates of this phase were detected at
grain boundaries in the gauge length and head of
creep-tested specimens after 83 h. The solubility of
carbon in 316 steel [24] at 600 !C is about 4 ppm
only. Carbide formation is rapid due to the avail-
ability of chromium and the fast diffusion of
interstitial carbon atoms. After long-term creep
tests and intermetallic phases precipitation, grain-
boundary carbides were not found. The intermetal-
lic phases precipitation can lower the Mo and Cr
contents of the matrix, increasing the carbon solu-
bility and leading to M23C6 dissolution [5,6].

The occurrence of the sigma phase was also
detected in the ferrite islands in the gauge length
and head of creep-tested specimens after 83 h.
Sigma phase precipitation in austenite was detected

Table 2
Creep test specimens investigated in this work

Temperature
(!C)

Stress
(MPa)

Time
(h)

Initial
strain
(%)

Specimen
dimensions
diameter ·
length (mm)

550 150 6100 7.5 8 · 200
550 210 60000 4.8 8 · 200
550 135 70000 0.34 8 · 200
550 180 85000 2.85 8 · 200
600 280 83 (rupture) 10.0 5 · 30
600 260 164 (rupture) 8.8 5 · 30
600 200 5481

(rupture)
3.7 5 · 30

600 170 7500 5.0 8 · 200
600 120 41015 0.2 8 · 200
600 70 85000 0.005 8 · 200

Fig. 1. Optical micrograph of solution-annealed 316L(N) stain-
less steel, revealing the presence of recrystallised grains and
annealing twins. Etching: V2A-etchant.

Fig. 2. Scanning electron micrograph (secondary electrons) of
solution-annealed 316L(N) stainless steel, showing details of the
delta (d) ferrite phase. Etching: V2A-etchant.

134 A.F. Padilha et al. / Journal of Nuclear Materials 362 (2007) 132–138
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as carbides and intermetallic phases. Often, materials including steels, are designed to 

precipitate second phases with the aim to improve the material’s mechanical properties. 

One such example is oxide dispersed austenitic steels [3.47]. However, the formation, 

stability and coarsening of second phase particles can have an undesirable effect on the 

material’s mechanical properties and corrosion resistance. In this section, a short review 

of the main precipitates found in 316H austenitic stainless steel is presented, with a 

focus given to those found in this work. The most common second phases found in type 

316H austenitic stainless steel are listed in Table 3.2. The table includes important 

characteristics of those second phases, together with references where more details can 

be found.  

Table 3.2. The crystal structure and typical compositions of the second phases 

observed in type 316H austenitic stainless steel. 

3.5.1 Carbide precipitates 

M23C6 is the most common precipitate found in austenitic stainless steels. The term 

M23C6 is the general notation for Cr23C6, although Ni, Mo, and Fe are often found to 

Precipitate Space Group Lattice 
parameters (nm) Formula Ref. 

M23C6 𝐹𝑚3W𝑚 a = 1.027-1.068 (Fe,Cr,Mo)23C6 [3.48]  

M7C3 

            - a = 1.398 
c = 0.454-0.451 (Fe,Cr)7C3 [3.48] 

𝑃𝑛𝑚𝑎 
a = 0.454 

b = 0.6879 
c = 1.1942  

Fe7C3 or Cr7C3 [3.49] 

M6C (h-
carbide) 𝐹𝑑3W𝑚 a = 1.095-1.128  (FeCrMo)6C [3.48] 

Laves (h) 
phase 𝑃6./𝑚𝑚𝑐 a = 0.473 

c = 0.772  Fe2Mo [3.50] 

s phase 𝑃4//𝑚𝑛𝑚 a = 0.828-0.838 
c = 0.459 

55wt.%Fe-
29wt.%Cr-
11wt.%Mo-

5wt.%Ni 

[3.51] 

χ-phase 14W3𝑚 a = 0.8807-0.8876 Fe36Cr12Mo10 [3.42] 
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substitute some of the Cr atoms in this carbide. It has an FCC structure, nucleating and 

growing with a cube-on-cube orientation relationship with the FCC austenitic steel 

matrix, i.e. {100}-Q{100}0!"1#: 〈010-〉Q〈010〉0!"1# {100}g. The room-temperature 

lattice parameter of M23C6 is between 1.027 and 1.068 nm, depending on the 

composition of the carbide [3.48]. M23C6 typically nucleates preferentially at austenite 

grain boundaries, followed by incoherent and then coherent austenite twin 

boundaries (see Figure 3.17a and b). With sufficient time, M23C6 will also precipitate 

intragranularly at dislocations sites, as shown in Figure 3.17c and d [3.42, 3.48, 3.52]. 

The growth of M23C6 was found to be controlled by the substitutional diffusion of either 

Fe or Cr [3.52].   

 

Figure 3.17. Transmission Electron Microscopy images of M23C6 carbides in 316 

austenitic stainless steels (a) at random grain boundary [3.42]; (b) growing away 

from an incoherent twin [3.42]; (c) precipitating intragranularly related to 
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dislocation structures after forward creep exposure [3.53] and; (d) within the 

matrix associated to dislocation loops [3.53]. 

The precipitation of M23C6 carbides at grain boundaries locally sensitises the 

surrounding region due to the depletion of Cr. As a result, those Cr depletion regions 

are more susceptible to intergranular corrosion (see Figure 3.5). Furthermore, 

Dyson [3.54] established a link between the increasing creep cavity number density 

(N2) and increasing density of grain boundary precipitates (N3) which can be expressed 

as: 

 
N' = 𝑓N2	_1 − exp45	7c 

(3.5) 

where 𝑓 is a function of the interfacial surface energy and the applied principal tensile 

stress, 𝑘 is the measure of the cavity interaction and	𝜀	is the strain. The cavity radius 

can be determined by: 

 
𝑟 =

2𝛾8

𝜎  (3.6) 

where 𝑟 is the cavity radius, 𝛾8 is the interfacial surface energy and 𝜎 is the local steady-

state tensile stress normal to the grain boundary. The greater volume of cavities will be 

located on those grain boundaries perpendicular to the applied principal stress.  

More recently, it has been found that the intergranular precipitation of M23C6 

promotes the formation of grain boundary α-ferrite as illustrated in Figure 3.18a [3.55-

3.57]. This is suggested to be caused by the depletion of austenitic stabilisers (Ni, Mo) 

and the subsequent rearrangement of elements, as a result of the precipitation of M23C6 

carbides. Note that α-ferrite denotes the ferrite that was formed by the transformation 

of FCC austenite to BCC ferrite during service exposure whereas, δ-ferrite formed prior 

to service during the manufacturing process (see Section 3.4.2). The α-ferrite formed 
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during service exposure can have a Kurdjumov-Sachs orientation relationship with the 

austenitic lattice, or a random relationship if growing into the neighbouring grain [3.57]. 

A deformation induced austenite-to-martensite phase transformation in type 316 

austenite stainless steel has also been widely reported however, this is stated to occur at 

or below room temperature [3.58]. The measured orientation relationship of the 

martensite with the austenite lattice does not correspond directly to the Kurdjumov-

Sachs orientation relationship but is similar possessing small deviations from the exact 

theoretical Kurdjumov-Sachs relationship [3.59].  

It was reported by Warren et al. [3.55] that over 50% of creep cavities examined in 

service exposed type 316H austenitic stainless steel were closely related with the 

presence of α or δ-ferrite. Sup Rho et al. [3.60] observed a reduction in fatigue life in 

304 steel, attributed to the interface between the matrix and δ-ferrite acting as a site of 

fatigue crack initiation. This points to the presence of ferrite and carbides having a 

detrimental impact to the material’s properties, by acting as effective stress 

concentration sites for local damage initiation. These sites, as shown in Figure 3.18, 

accelerate the nucleation of cavities and the subsequent growth of cracks, which reduces 

the fatigue life, creep life, and creep ductility of the steel. 
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Figure 3.18. Inter- and intra-granular precipitation with cavitation present near 

ferrite [3.57] and (b) micrograph showing a crack initiated near ferrite (white 

arrow) [3.60]. 

The carbide M7C3, where M is either Cr or Fe, is not normally found within 

austenitic stainless steels, but only for certain conditions such as those that cause local 

carburisation. These normally precipitate on slip bands and grain boundaries. There is 

conflicting literature on the lattice structure of this carbide, with two different forms 

presented in Table 3.2 [3.48, 3.49]. The structure is presumably affected by the local 

chemical composition and environmental conditions. The M7C3 carbide generally forms 

when there is excess C and so reacts with M23C6 [3.61]. In this instance, the Cr carbide 

formation within the steel matric would follow the reactions [3.61]: 

 23Cr + 6C ⟷ Cr/.C9 (3.7) 
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 Cr/.C9 + 27C ⟷ 23Cr:C. (3.8) 

Thermodynamically, the reactions to form carbides can take place spontaneously when 

its overall Gibbs free energy change, ∆𝐺°, is negative. Cr23C6 will form initially as it 

has a lower Gibbs free energy of formation ∆𝐺° = −320	𝑘𝐽/𝑚𝑜𝑙  compared to 

−132	𝑘𝐽/𝑚𝑜𝑙 for Cr7C3 in 316 austenitic stainless steels at 700 °C [3.62]. 

The phase M6C, also known as the h carbide, has a variable composition that 

regularly contains more than one metallic element. A common composition of the M6C 

phase is (Fe,Cr,Mo)6C. It is generally found in steels with Mn, such as type 316 

austenitic stainless steels, albeit in small quantities and therefore less attention is given 

to this phase [3.48].  

3.5.2 Intermetallic phases 

In addition to the precipitation of carbides, intermetallic phases have been reported 

in 316H austenitic stainless steel. These second phases are normally associated to 

undesirable effects, such as elemental segregations and the loss of ductility and 

toughness [3.48]. Precipitation of intermetallics is slower than the M23C6 carbides. 

Whilst no evidence of intermetallic precipitation was found during this work, a small 

summary of these is provided here, along with micrographs illustrating the intermetallic 

particles shown in Figure 3.19. 



Chapter 3: Fundamentals of stainless steel metallurgy 

   88 

 

Figure 3.19. Example micrographs showing the morphology of intermetallic 

precipitates. (a) and (b) from [3.46]. (c) taken from [3.63].  

Laves phase is the most common intermetallic phase that precipitates in type 316 

steel. The Laves phase have a hexagonal structure and are most commonly observed to 

form intragranularly (Figure 3.19a). However, Laves phases are infrequently observed 

to form intergranularly (Figure 3.19b). Their appearance is suggested to cause a degree 

of precipitation hardening [3.50]; however, the full effects of Laves phases on the creep 

properties of steels is still open to debate [3.42]. 

The s (sigma) phase can appear in a variety of compositions, with an example 

chemical composition found in 316 given in Table 3.2. The s phase precipitation 

kinetics is slow [3.50] but once formed, it can be mainly found at grain boundaries 

(Figure 3.19a and b) and incoherent twin boundaries. It has little effect on creep 
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properties if precipitated intragranularly. However, it is associated with embrittlement 

and a reduction in creep properties if precipitated intergranularly [3.42].  

Forming at higher temperatures than the other second phases discussed in this 

section, the χ (chi) phase can only precipitate if Ti or Mo is present in the steel. It has a 

similar composition to the s phase, although it can also dissolve C and has been 

classified in the past as an M18C carbide [3.48]. It mainly precipitates at grain 

boundaries, incoherent twin boundaries and intragranularly on dislocations (Figure 

3.19c) [3.42, 3.50].  

3.5.3 Time-temperature-precipitation diagram 

A time-temperature-precipitation diagram (TTP) is shown in Figure 3.20, based on 

extensive thermal ageing experiments and TEM examinations [3.64, 3.65]. All the 

shaded regions showing precipitation of the phases are C-shaped, possessing a time and 

temperature at which the precipitation rate is maximised. This diagram shows that 

M23C6 is the first ‘second phase’ to precipitate, followed by the intermetallic phases. 

However, M23C6 is likely to precipitate earlier than that shown in the diagram, when the 

local or the overall composition of C is higher, such as for the higher C variant type 

316H steel investigated in this thesis.  
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Figure 3.20. Time-temperature-transformation diagram for a 18Cr-12Ni-Mo 

austenitic stainless steel comparable to type 316LN austenitic stainless steel [3.64, 

3.65]. The stability regions for the various precipitated phases are represented by 

the shaded areas. The time and temperature at which the materials of this project 

were thermally aged during AGR service are also noted on the graph.  

The type 316H steels investigated in this project were exposed to 

approximately 525 °C for around 100,000 hours prior to the work reported here. The 

diagram reveals that in these conditions, only the M23C6 carbide forms inter- and 

intragranularly (see Figure 3.20). However, this diagram can be affected by the presence 

of mechanical stresses [3.52, 3.66]. Morris et al. [3.66] identified second phases 

precipitated earlier in the mechanically tested gauge length of the tensile sample, as 

compared to the bulk head with no applied stress. Additionally, the service environment 

which the material is exposed to can promote atomic diffusion into the near-surface 

regions of the material, that alter the time and the type of second phases precipitated in 

Thermal aged in plant 
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those exposed surfaces. For example, exposure to AGR primary gas coolant results in 

C ingress in 316H steels: this phenomenon is discussed in further detail in Section 4.2.  

3.6 Non-metallic inclusions 

Non-metallic inclusions are present in the steel matrix, having formed from 

chemical reactions that occur during the manufacturing process [3.67]. During 

solidification, O, used as part of the steel making process, and S, an impurity that is 

introduced by the use of coal and coke, will form undesirable oxide (FeO) and sulphide 

(FeS) low melting compounds [3.67]. The presence of FeO and FeS in the steel matrix 

has a detrimental effect on the workability and strength of the steel [3.67]. The content 

of O and S in the steel matrix is therefore reduced to improve the workability and 

strength of the steel. To do this, Si, Mn and/or Al are added to deoxidise the molten 

steel, readily forming non-metallic oxides such as SiO2, MnO and Al2O3 [3.67]. In 

addition, Ca, Mg and rare earth elements have a sufficiently high affinity to S that non-

metallic sulphides are formed such as CaS and MgS [3.67]. The occurrence of MnS and 

Al2S3 and MgO is also be observed [3.67]. The oxide and sulphide products are then 

removed in the slag during the manufacturing process, thus reducing the overall O and 

S content of the steel products. However, small quantities of oxides and sulphides 

remain in the steels when in solid form.  

Whether non-metallic inclusions, intermetallic principates or carbide precipitates, 

an increasing number and larger size of those inclusion/precipitate particles within the 

matrix will have a detrimental effect on the mechanical and corrosive resistant 

properties of the steel [3.68]. This is because the inclusions possess different local 

mechanical and corrosion resistant properties from the surrounding steel matrix. This 

disrupts the homogeneity of the steel structure and consequently influences the global 
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material properties [3.68, 3.69]. The occurrence of inclusions also introduces an 

intermetallic phase boundary which can act as nucleation sites for second phases and, 

as a consequence, further reduce the corrosion resistance and mechanical properties of 

steels. It is therefore beneficial for steels to possess low number densities and small 

volumes of non-metallic inclusions. Further information on the origin and classification 

of non-metallic inclusions can be found in [3.67-3.69].  
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4 Environmental degradation 

mechanisms of stainless steels in 

CO2-rich environments 

Alloys exposed to high temperatures must be able to resist the attack from the 

service environment. The active degradation mechanisms are dependent on three 

variables: steel chemistry, temperature, and the gas atmosphere [4.1]. In an AGR 

service environment, type 316H stainless steel undergoes simultaneous surface 

oxidation and (near-)surface carburisation. Metal loss from oxidation is a structural 

integrity concern for a variety of plant components. The R67 oxidation handbook is 

used by EDF Energy for material assessments in oxidising environments [4.2]. 

However, R67 does not cover the effect of carburisation, which was not originally 

accounted for during the design of the AGRs [4.2]. This chapter provides a short 

discussion on the main mechanisms of oxidation and carburisation. In addition, a review 

is presented of the literature concerning the oxidation and carburisation of stainless 

steels in CO2-rich environments. 

4.1 High-temperature oxidation of stainless steels 

4.1.1 Oxidation theory 

In this section, a brief discussion on oxidation theory that is relevant for the work 

in this project is provided. More information on the oxidation of Fe-based alloys can be 

found in the following references [4.1, 4.3, 4.4]. At high temperatures, steels will 
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oxidise over a wide range of conditions, forming over time an oxide scale on their 

surface. The overall oxidation process can be represented schematically in Figure 4.1 

and categorised in the following five steps [4.3]: 

1. Delivery of oxidant (e.g. O2, CO2 or H2O) to the oxide scale through mass 

transport in the gas phase. 

2. O is incorporated into the oxide scale forming O2-. 

3. Diffusion of the reacting metal elements from the underlying alloy to the alloy-

scale interface. 

4. Metal elements (M) are incorporated into the oxide scale forming M2+. 

5. Finally, M2+ (cation diffusion) and/or O2- (anion diffusion) move through the 

scale reacting to form additional oxide scale. 

 

Figure 4.1. Schematic showing the processes involved in superficial oxide  growth. 

Adapted from [4.1]. 

Depending on the material, gas environment, temperature and pressure, the 

oxidation reactions adhere to one of following three kinematic models [4.3]. These 
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relationships are graphically represented in Figure 4.2, with the expressions presented 

below in Equations 4.1 - 4.3: 

i.    Linear 𝑌 = 𝑘(´	𝑡 
(4.1) 

ii.   Parabolic 𝑌/ = 𝑘;´	𝑡 
(4.2) 

iii.  Logarithmic 𝑌 = 𝑘' log(𝑘<𝑡 + 1) 
(4.3) 

where 𝑌 is the oxide thickness at given time 𝑡, and 𝑘𝑖 are the rate constants.  

Generally, the high-temperature oxidation kinetics are considered parabolic [4.1, 

4.3, 4.4]. Oxidation is parabolic when the diffusion of (M) reactants, such as Fe, through 

the oxide scale controls the growth of the oxide. Over time, the thickness of the oxide 

scale increases. With an ever-increasing oxide scale thickness, the distance over which 

the reactants need to diffuse through also increases. The larger diffusion distances 

results in an ever-decreasing oxidation rate. Oxide scale growth is a diffusion-controlled 

process via either vacancy flow, anion or cation diffusion [4.1, 4.3, 4.4].  

There are deviations from parabolic kinetics in the following situations [4.1, 4.3, 4.4]: 

• At low temperatures and when the oxide scale is relatively thin, oxidation 

follows logarithmic kinetics, with the oxidation rates being inversely 

proportional to time.  

• At the very early stages of oxidation, as the scale is not sufficiently thick to 

impact the movement of reactants through it, oxidation follows linear kinetics.  

• At very high temperatures oxidation is linear as the diffusion of O2 is fast enough 

that the transport through the scale does not contribute to the oxide growth rate. 
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• When the surface reactions, such as molecular dissociation of the gas phase to 

produce O2, controls the rate of oxidation rather than the transport of O through 

the scale. One such example is the dissociation of CO2 at the scale-gas phase 

boundary in CO2 rich environments: 

 𝐶𝑂/ = 𝐶𝑂 +
1
2𝑂/ (4.4) 

• Spallation or cracking of the original oxide scale which would expose the 

underlying metal surface to the gas environment. Spalling or crackinng may 

arise due to the presence of internal, local stresses, that increases the possibility 

of decohesion between the oxide and the metal substrate [4.5]. In this instance, 

oxidation will occur at the original rate until the oxide would spall or crack 

again. This intermitent grwoth rate can be termed ‘para-linear’ and is graphically 

represtend in Figure 4.2b [4.6].  

 

Figure 4.2. The oxide scale growth behaviour for different oxidation kinetic 

relationships; (a) linear and parabolic where there is no spallation of oxide and (b) 

para-linear with the effect of multiple spallation of oxide, and consequently 

exposing the metal to the environment.  



Chapter 4: Environmental degradation mechanisms of stainless steels in CO2-rich environments 

   105 

As oxidation is diffusion-controlled, the process is thermally activated, and 

therefore the oxidation rate increases exponentially with temperature as given by the 

Arrhenius-type equation: 

 𝑘 = 𝑘!´	𝑒𝑥𝑝 -
−𝑄
𝑅𝑇2 (4.5) 

where 𝑘	is the rate constant determined from Equations 4.1 - 4.3, 𝑘! corresponds to the 

pre-exponential factor,	𝑄 is the activation energy, 𝑅 the gas constant of 8.314 J/Kmol 

and 𝑇 the temperature in K.  

The reaction to form an oxide scale is expressed as [4.3]: 

 2𝑥
𝑦 𝑀 + O/ =

2
𝑦M=O> (4.6) 

Thermodynamically, the oxide will only form when the change in Gibbs free energy, 

∆𝐺°, is negative, and its dissociation pressure, 𝑝?!
@%AA, in equilibrium with the metallic 

substrate is less than the environment’s oxygen partial pressure (𝑝?!). If 𝑝?!
@%AA > 𝑝B! 

then the oxide will dissociate. To obtain the oxygen partial pressure, the following 

expression can be used: 

 
𝐾 = exp	 -−

∆𝐺°
𝑅𝑇 2 (4.7) 

where 𝐾 is the temperature-dependent constant for a given oxidation reaction, such as 

Equation 4.4, and is related to the oxygen partial pressure. The standard free energy 

change in the formation of oxides (DG) can be represented graphically as a linear 

function of temperature. Summarising various common oxidation reactions, this graph 

is usually termed the Ellingham diagram and is presented in Figure 4.3.  
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Figure 4.3. Ellingham diagram showing the standard Gibbs free energy of 

formation of several oxides as a function of temperature [4.3]. 

Oxidation can take several different forms. The oxide scale can possess either a 

single or multiple oxide phases. An example of a multiphase oxide scale growth in Fe-

9Cr steel is provided in Figure 4.4 [4.7]. The most common Fe oxides that form in 

austenitic stainless steels are [4.8]: 

• FeO – wüstite 

• Fe2O3 – haemetite 

• Fe3O4 – magnetite 

and

CO2 ¼ COþ 1

2
O2;K10 ¼

PCOP
1=2
O2

PCO2

½10$

where K9 and K10 are the temperature-dependent
equilibrium constants for reactions [9] and [10],
respectively. Thus, the PO2

may be determined from

these equilibrium constants if the equilibrium PCO/
PCO2

or PH2
/PH2O ratios are known. In oxygen-lean

gases containing both H2O and CO2, the PO2
is usu-

ally determined by the H2–H2O reaction [9] since
steam is more reactive than CO2. Moreover, for a
controlled laboratory experiment, it is preferred
practice to facilitate the equilibrium by using a
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Figure 4.4. Example oxide scales that have formed on the surface of an Fe-9Cr 

alloy exposed to Ar-20CO2 at 650 °C for 120 h [4.7].  

Whilst the above considers the formation of continuous oxide scales on the surface 

of materials, other oxidation phenomena do exist. These are worthy of mention as steels 

in AGR service are susceptible to these oxidation behaviours. The first is ‘breakaway 

oxidation’ [4.9, 4.10], an example of which is shown in Figure 4.5a on Fe-9Cr steel 

exposed to AGR service environment [4.9]. This type of oxidation can lead to rapid 

linear oxide growth that can ultimately be a life-limiting factor for the affected 

components. The second is ‘internal oxidation’, where oxides, such as Cr2O3 form in 

the steel matrix just like precipitates, as shown in Figure 4.5b. Both were not observed 

directly in this project.  

the alloy (Fig. 6). Intragranular carbide penetration depths, XC,
were measured from the interface between internal oxidation
and internal carburisation zones. In both dry and wet CO2, XC in-
creased according to a parabolic law (Fig. 7)

X2
C ¼ 2kpt ð7Þ

where kp is the rate constant. Carburisation is seen to be faster in
the dry gas (kp = 6.5 $ 10%10 cm2 s%1) than in the wet gas
(kp = 2.4 $ 10%10 cm2 s%1). Intergranular carbides were observed
throughout the samples within a 40 h exposure to both atmo-
spheres. The volume fraction of carbides in the ferrite matrix, fV,
was measured in 50 lm wide zones parallel to the surface using
the ImageJ software, with a precision of around 2%. Results plotted
against the relative depth are shown in Fig. 8. The profiles are sim-
ilar for both gases, but the value at x = 0 is higher in the dry gas,
with fV = 0.17 compared with 0.14 in the wet gas.

Reaction of Fe–20Cr also led to internal oxidation and carburisa-
tion, but precipitate morphology and penetration depth varied
with the nature of the overlaying oxide. Underneath the thin
Cr2O3 scale, internal precipitation was absent or limited to a
semi-connected array of intragranular carbides (Fig. 9a), with a rel-
atively low penetration depth (620 lm). Where the alloy formed
an iron-rich oxide scale, internal reaction occurred to a larger ex-
tent, producing both small, equiaxed and elongated carbides
(Fig. 9b). Both external scaling and internal precipitation varied
considerably. Measurements of the extent of carburisation under-
neath the iron-rich scale were subject to substantial error, as seen
from the error bars in the parabolic plots of Fig. 10. Carburisation
rates in dry and wet CO2 were similar, and the kinetics are
therefore described with a common, average rate constant

kp = (8 ± 2) $ 10%11 cm2 s%1. Similarly, an average fV = 0.3 was mea-
sured in near surface regions after exposure to both gases.

3.3. Internal reactions at 800 !C

At 800 !C, both Fe–2.25Cr and Fe–9Cr alloys underwent internal
oxidation in addition to external scaling. No carburisation product
could be observed in the Fe–2.25Cr alloy, whereas reaction of the
Fe–9Cr alloy resulted in formation of carbides and martensite be-
neath the Fe-rich oxide scale (Fig. 11).

In the dry gas, intergranular carburisation of Fe–9Cr was fast,
and occurred throughout the alloy within a 5 h exposure. Martens-
ite was identified in etched cross-sections, visually (Fig. 11a) and
by means of hardness testing. Vickers microhardness tests with a
200 g load yielded HV values of about 100 and 400 for ferrite
and martensite, respectively. The extent of martensite formation
increased with increasing reaction time. Although the phase trans-
formation affected entire grains, it did not occur in a uniform man-
ner along the metal/oxide interface: some grains neighbouring the
martensite remained untransformed, while some isolated mar-
tensite was found deep inside the alloy, surrounded by untrans-
formed grains.

In addition, internal carbides were occasionally observed in a
narrow 10 lm strip between the internal oxidation zone and the
martensite, as seen in Fig. 11. However, in other regions, no car-
bides were detected between the martensite and internal oxida-
tion zone. Carbides were never detected in the absence of
martensite, i.e. at the internal oxide/ferrite interface. Foil speci-
mens were prepared from the sample shown in Fig. 11, by FIB mill-
ing. The TEM–EDS results in Fig. 12a and b reveal the matrix to be

Fig. 2. External oxide scale formed on Fe–9Cr after (a) 120 h exposure to Ar–20CO2

at 650 !C; (b) 30 h exposure to Ar–20CO2–20H2O at 800 !C.
Fig. 3. External oxide scale formed on Fe–20Cr after (a) 120 h exposure to Ar–
20CO2 at 650 !C; (b) 100 h exposure to Ar–20CO2–20H2O at 800 !C.

T. Gheno et al. / Corrosion Science 53 (2011) 2767–2777 2769
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Figure 4.5. Examples of (a) breakaway oxidation on Fe-9Cr steel, from  AGR 

boiler tubes exposed to primary gas coolant at 600 °C for 20,000 h [4.9] and 

(b) internal oxidation of Fe-5Cr steel at 900 °C in air-forming Cr oxides [4.1].  

4.1.2 Protective chromia film 

In the case where steels possessing at least 12 wt.% Cr are exposed to oxidants (for 

example O2 or CO2) to temperatures up to 1000 °C, an oxide layer is formed that 

protects the underlying metal from further damaging environmental degradation 

mechanisms, as illustrated in Figure 4.6 [4.11]. The degradation resistance of a steel is 

dependent on the sustained formation of the protective oxide scales. The exposure of 

stainless steels to high temperatures results in the formation of an external thin 

protective M2O3 chromia film. This highly stable oxide layer is generally only several 

microns thick. Cr plays an important role in the formation of this film, which can be 

expressed as: 

 4
3𝐶𝑟 + 𝑂/ =

2
3𝐶𝑟/𝑂. (4.8) 

The local availability of Cr is the controlling step in the formation of this protective 

film. However, due to local stresses induced by thermal cycling, creep or fatigue, the 

chromia film can spall [4.12, 4.13]. If there is sufficient Cr at the surface, then the film 

will re-form, which is also known as ‘re-passivation’. Repeated spallation and re-
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formation cycles will deplete the area directly below the surface of Cr, until there is 

insufficient Cr available to sustain the protective oxide film. At this point, further 

damaging oxidation and other environment degradation mechanisms ensue.  

 

Figure 4.6. Optical micrograph of type 316H stainless steel after 2000 h exposure 

to AGR primary gas coolant at 550 °C, showing regions of Fe-rich oxide scale 

formation, and an area where the M2O3 chromia film is still protecting the 

underlying metal. 

The formation of protective oxide scales that enhances the steel’s corrosion 

resistance is a desirable physical property for high temperature applications, and has 

been extensively researched. The oxidation resistance of multiple Cr steels was 

investigated by Trindade et al. [4.14], whose results showed that the steels with a 

smaller grain size had enhanced oxidation resistance compared to those with a larger 

grain size. This enhanced resistance was attributed to the larger number of grain 

boundaries in those steels with a finer grain size. As grain boundaries are high 

diffusivity pathways (see Section 3.3), they will increase the outward Cr diffusion to 

the surface, boosting the formation of Cr2O3 [4.14]. Additionally, Chen et al. [4.15] and 

Smith [4.16] found that local surface dislocation networks constitute pathways through 

which Cr can diffuse, increasing the availability Cr at the surface. The effect of the near-

surface microstructure condition is clearly shown in Figure 4.7.  
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Figure 4.7. The effect of the surface dislocation network on the stability of the 

chromia film after 500 h exposure to 1% CO/CO2 environment; (a) OPS polished 

(‘deformation free’) surface resulting in duplex oxide formation, and (b) 600 grit 

ground surface finish, resulting in a deformed surface layer with significant 

dislocation networks that ‘resupply’ the outer chromia layer with Cr [4.15].  

The retention of the protective M2O3 chromia layer is also enhanced by additions 

of minor alloying elements. It is well known that the addition of Si can improve the 

corrosion resistance, substituting Cr in M2O3 [4.17]. Si also promotes the diffusion of 

Cr into the chromia layer, and can form a protective dense SiO2 layer [4.18-4.20]. More 

recently, Nguyen et al. [4.20-4.22] have shown that increased Mn contents in a steel’s 

composition increases the oxidation resistance of the material. In those experiments, 

Nguyen et al. exposed Fe-20Cr and Fe-20Cr-2Mn steels to Ar-20CO2 mixture at 

650 °C. The oxidation kinetics was reduced for the steel with the higher Mn content as 

shown in Figure 4.8a. The increased oxidation resistance was associated with the 

presence of Mn rich oxide nodules (see Figure 4.8b & c), taking the form Mn3O4 and 

MnCr2O4, which are linked to the enhanced thermal stability of the protective chromia 

film. This phenomenon is partially attributed to the enhanced grain boundary diffusion 

rates of Mn as compared to Cr. 
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Figure 4.8. (a) Oxidation kinetics of Fe-20Cr-(0.1Ce, 2Mn) steels in Ar-20CO2 

atmosphere at 650 °C showing the steel grade with the higher Mn content to have 

lower oxidation rate [4.22] (b) & (c) due to the presence of Mn-rich oxides in the 

protective chromia film [4.21].  
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4.1.3 Duplex oxide formation 

This project considers the exposure of austenitic type 316H stainless steel to 

simulated AGR primary gas coolant consisting of 500 vppm H2O, 100 vppm H2, 

300 vppm CH4 and 1 vol.% CO balanced with CO2. In this mixture, the 𝑃C! 𝑃C!?⁄  is 

unknown as the two gases are in dynamic equilibrium. As such, for the purposes of 

calculating the oxygen partial pressure, it can be assumed that AGR primary gas coolant 

mixture is composed of ~ 1vol.% CO / 99vol.% CO2. The standard CO/CO2 

equilibrium can be expressed as follows: 

 𝐶𝑂/ = 𝐶𝑂 +
1
2𝑂/		; 		𝐾 =

𝑃1?𝑃?!
D//

𝑃1?!
 (4.9) 

where 𝐾 is the temperature-dependant equilibrium constant for the CO2 dissociation 

reaction. The calculation using Equation 4.7 yields ∆𝐺° = −206	𝑘𝐽/𝑚𝑜𝑙  at 

600 °C [4.1]. By assuming that the CO/CO2 volumetric ratio corresponds to the 

equilibrium partial pressure ratio, i.e. 𝑃1? 𝑃1?!⁄ = 0.01 0.99⁄ , the oxygen partial 

pressure at 600 °C amounts to 𝑝?! = 1.84 × 104/D	𝑎𝑡𝑚 . When compared to the 

Ellingham diagram, this value of oxygen partial pressure will induce the formation of 

magnetite Fe3O4 [4.1]. Below a pressure of 𝑝?! = 104/F	𝑎𝑡𝑚 , Fe3O4 will 

dissociate [4.1]. A higher oxygen partial pressure above 𝑝?! = 104DF	𝑎𝑡𝑚, hematite 

Fe2O3 will form [4.1].  

The formation mechanism of the un-protective oxide scales on type 316H steels in 

AGR primary gas coolant is initially controlled by the Cr availability at the steel surface, 

and by the stability of the initial continuous M2O3 layer, as discussed in Section 4.1.2. 

Once the M2O3 layer has spalled and is unable to reform, a duplex oxide layer forms 

consisting of an outward growing porous Fe-rich magnetite (Fe3O4) layer [4.23, 4.24]. 

Simultaneously, an inward growing, less porous, inner spinel (MCr2O4) layer, where 
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M = Ni, Cr, also develops [4.23, 4.24]. An example of duplex oxide formed on type 

316H steel is presented in Figure 4.9, where the porous magnetite oxide morphology 

can be observed.  

 

Figure 4.9. Illustrative cross-sectional image of a duplex oxide layer formed on 

type 316H stainless steel exposed to AGR primary gas coolant for 8000 h at 550 °C. 

The sample was tilted at 45° to reveal porous outer magnetite layer.  

The oxidation mechanism is controlled by the outward diffusion of Fe atoms from 

the bulk to the surface through the duplex oxide layer to the magnetite/gas reaction front 

to form Fe3O4. At the same time, oxygen-containing species, such as CO2, penetrate the 

oxide scales. These species will migrate down high angle grain boundaries and 

especially through connected porosities which develop in the oxide scales [4.25]. The 

CO2 then reacts with the bulk metal to form spinel oxide MCr2O4 where M = Ni, Cr. 

The duplex oxide reactions follow:  

 4𝐶𝑂/ + 3𝑀 = 𝑀.𝑂G + 4𝐶𝑂 (4.10) 

The oxidation behaviour of a variety of grades of steels in CO2-rich environments 

Has been widely studied in the past. This includes the exposure of 316 or 18/8 steel 

grades to pure CO2 or CO2/CO environment at a pressure of 1 atmosphere [4.15, 4.16, 
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4.26-4.28]. These studies reported comparable duplex oxide structures to that in this 

project. Smith et al [4.16] conducted extensive analysis of the duplex oxide phases 

formed during the oxidation of 18-8 steel in CO2-2%CO at 600 – 1000 °C. The spinel 

can exist in two oxide structures, dependent upon the behaviour of the Ni, and whether 

it is incorporated into the spinel or not. If Ni is present in the spinel, that would favour 

the formation of (Ni,Fe)CrO4. However, over time and due to the preferential supply of 

Cr via grain boundary diffusion, FeCr2O4 will nucleate. The FeCr-rich spinel’s 

containing excess of 35% Cr grow at relatively slower rates than (Ni,Fe)CrO4 [4.16].  

Changes in gas chemistry may also alter the structure and stability of the oxide 

layer. Increasing the volume of CO from ~ 1 vol.% to ~ 5 vol.% balanced with CO2 at 

15 atmospheres increased the oxidation rate of low alloy steel by five to 

eightfold [4.29]. The addition of H2O also increases the oxidation rate [4.7, 4.15, 4.22]. 

This has been suggested to occur because the H2O molecule dissociate more rapidly, as 

compared to CO2 molecules, on growing Fe oxide surfaces [4.22]. 

Other studies have investigated different grades of steels in CO2 rich environments 

that contains Ar and H2O [4.7, 4.11, 4.30, 4.31]. More recently, the drive for better 

efficiency has made supercritical CO2 a candidate as coolant in power generation in 

addition to higher operating temperatures [4.25, 4.32, 4.33]. The increase in pressure 

has been observed to accelerate the oxidation kinetics of 310N steel in a H2O/CO2 

environment at 550 – 750 °C up to pressures of 8 MPa [4.31]. Furthermore, increasing 

the environmental pressure will alter the oxide scales formed on 316 steel with Fe2O3 

observed when exposed at 20 MPa and 400 – 650 °C (see Figure 4.10) [4.34, 4.35].  
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Figure 4.10. Cross-sectional image of 316 steel after 500 h of exposure to 

supercritical CO2 at 20 MPa and 650 °C [4.35].  

This literature review shows the variability in oxidation behaviour, depending on 

the alloy, environment composition and pressure. To obtain reliable information on 

oxidation behaviour, it is therefore necessary to conduct oxidation studies on 

representative materials exposed to the relevant service environment, chemistry and 

conditions. Chapter 7 in this project discusses the oxidation results of ex-service type 

316H steel exposed to simulated AGR primary gas coolant.  

4.2 Carburisation of stainless steels 

This section provides a review of the process and literature concerning the 

carburisation of steels. Carburisation can be defined as the progressive ingress of C-

bearing species into the metal via a diffusion mechanism [4.36]. This process can induce 

a drastic change to the near-surface microstructure and local mechanical properties, 

including the formation of a hardened near-surface layer. Such an alteration is desirable 

in certain applications, and as such is a common heat treatment process to improve the 

design life of engineering parts to enhance corrosion, fatigue and wear resistance of 

was examined in these experiments. The metallographic samples were also etched
with a solution of 10 ml glycerine ? 6 ml HCl ? 3 ml HNO3 to reveal carbide
precipitates.

Results

Corrosion of SS316

Representative cross-sections shown in Figs. 3 and 4 illustrate that the corrosion
products vary considerably with position. In some places, a thin scale formed,
whereas in other locations substantially thicker nodules grew. Beneath the oxide
scale–alloy interface, local precipitates of varying size had developed. These
precipitates, identified by EDS analysis as MnS, were present only in the subsurface
zone. They result from sulphur rejection from the scale and the MnS solubility
product being exceeded in the sulphur-enriched subsurface zone.

Analysis by SEM–EDS of reacted SS316 revealed that, at all reaction times
examined, the thin scale regions consisted of an outer layer of iron rich oxide and a
thin inner layer of chromium enriched oxide. After 500 h exposure, the inner layer
(thin scale region) contained approximately 15 % Cr and 30 % Fe (Fig. 5a), and
after 1000 h exposure (Fig. 6a) approximately 30 % Cr and 5 % Fe. The thicker
nodules consisted of an outer layer of iron oxide and an inner layer of mixed

NODULE

FE-OTHIN SCALE

GRAIN BOUNDARY OXIDES

FE-CR-O

FE-CR-O

Fig. 4 SEM photomicrograph of morphology of corrosion product for SS316, after 500 h in SCO2 at
20 MPa-650 !C

Oxid Met (2015) 84:585–606 591

123
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engineering components [4.36-4.41]. The heat treatment can be conducted over a wide 

range of temperatures such as 400 °C to those exceeding 800 °C in CO2 or CH4 gaseous 

atmospheres.  

Carburisation of steel components in the petrochemical industries [4.42, 4.43] and 

the nuclear AGRs [4.23, 4.24, 4.44] is considered to be an environmental degradation 

mechanism. This is because carburisation induces over time changes to the surface 

microstructure (such as hardening and embrittlement) that are undesirable to the steel’s 

mechanical properties. Such an example is crack initiation, which will reduce a 

components remaining service life [4.23, 4.24, 4.42-4.44]. Carburising environments 

include high-temperature gas mixtures which contain increased availability of C, such 

as CO, CO2 and CH4. A survey conducted by Young [4.12] clearly establishes that 

carburisation occurs in a wide range of austenitic, ferritic and martensitic steels when 

exposed to CO2-rich environments [4.12]. 

Carburisation can alter the local microstructure of steel in several ways. Carbon can 

be injected into the surface of the material and remain in solid solution. Alternatively, 

C may diffuse into the matrix and precipitate to form carbides with solute elements from 

the steel’s austenitic matrix. Both mechanisms induce compressive strains in the 

surrounding lattice, increasing the material surface hardness and altering the local 

mechanical properties. The C concentration and material hardness are highest at the 

surface, decreasing at greater depths.  

4.2.1 Carburisation mechanism in stainless steels exposed to AGR 

environment 

Initially, the continuous and stable chromia film affords austenitic stainless steels 

protection from significant carburisation [4.12, 4.15]. Wolf et al. [4.45] measured the 
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solubility of radioactive 14C as a function of depth in Cr2O3 and Fe3O4 oxides. The 

lattice distribution of radioactive 14C was obtained from auto-radiographies produced 

by pressing the samples under a load onto a highly sensitive film, allowing enrichments 

at grain boundaries and pores to be detected [4.45]. According to these results, C was 

not found within the oxide lattices as it is insoluble in those oxides, but C was found 

preferentially at grain boundaries. Therefore, the ingress of C, or C-bearing species such 

as CO2, during high temperature oxidation and carburisation must occur through open 

pores and cracks in the oxide layers [4.45] and particularly down grain boundaries 

which are high diffusivity pathways and are in contact with the gas environment [4.12]. 

Besides this, limited carburisation has been observed beneath the chromia film, and 

therefore indicates that C penetrates through small fissures [4.1, 4.12]. The C-ingress 

beneath the chromia film will bind with the available Cr in the precipitation of carbides, 

reducing the chromia film’s ability to re-passivate, and therefore accelerating the local 

transition to duplex oxide formation [4.1, 4.12]. 

In AGR environments, C atoms become locally available primarily via the 

Boudouard reaction:  

     i. Boudouard 2𝐶𝑂 ↔ 𝐶 + 𝐶𝑂/ (4.11) 

C can also form by several other reactions, such as the synthesis gas reaction and hydro-

carbon cracking reaction: 

     ii. Synthesis 𝐶𝑂 + 𝐻/ ↔ 𝐶 + 𝐻/𝑂 (4.12) 

    iii. Hydro-carbon cracking 𝐶𝐻G ↔ 𝐶 + 2𝐻/ (4.13) 

However, the contributions from these two reactions are relatively small in comparison 

to the Boudouard reaction.  
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An environment is said to be carburising when the C activity, 𝑎H < 1 [4.1]. As C is 

mainly produced using the Boudouard equilibrium, 𝑎H can be determined by: 

 𝑎H = 𝐾
𝑃1?/

𝑃1?!
 (4.14) 

where 𝐾 is the temperature equilibrium constant, determined from Equation 4.7 and 

using ∆𝐺° = −18.4	𝑘𝐽/𝑚𝑜𝑙 at 600 °C [4.1]. By assuming the CO/CO2 volumetric ratio 

relates to the equilibrium partial pressure ratio, i.e. 𝑃1?/ 𝑃1?!� = 0.1/ 0.99⁄ , then 𝑎H at 

600 °C is 0.00126. This is less than 1 and therefore is a carburising environment.  

In type 316H steels C readily forms M23C6 precipitates, where M is predominantly 

Cr; however, in regions with high C concentrations then M7C3 can develop (see Section 

3.5.1). This includes the most carburised areas, such as directly below the duplex oxide 

layer or near grain boundaries.  

Carburisation, like oxidation, is dependent on the diffusion of the gas phases from 

the environment to the oxide-metal interface. The duplex oxide layer provides the 

suitable pathway through which the C-bearing species such as CO2 diffuse. Recently, 

Gheno et al. [4.7] observed carburisation in ferritic Fe-Cr alloys in Ar-CO2 gas 

environments at 650 and 800 °C, when these atmospheres did not possess a sufficient 

level of C activity.  
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Figure 4.11. The impact of scale formation on the partial oxygen pressure (pO2) 

and carbon activity (ac) [4.7]. 

The formation of stable oxides reduces the 𝑝?!at the oxide-metal interface, thus 

increasing the 𝑎H at the oxide-metal interface when compared with the 𝑎H of the gas 

environment, as shown by the schematic in Figure 4.11. Additionally, 

Rouillard et al [4.46] investigated the exposure of ferritic T91 steel to CO2 at 550 °C, 

and suggested that the accumulation of CO at the oxide-metal interface through the 

oxide reaction in Equation 4.10 will alter the thermodynamic equilibrium for CO to 

dissociate. The higher volume of CO increases the likelihood of dissociation and the 

ingress of C. Thus, the mechanisms of oxidation and carburisation are interconnected.  

 

Figure 4.12. Etched cross-sectional view  of an ex-service type 316H stainless steel 

component showing the extent of carburisation beneath regions of duplex oxide 
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layers where the Cr-rich oxide layer (‘healing layer’) is either present or absent in 

the local microstructure [4.47, 4.48] 

At the metal-oxide interface, in regions of high Cr content, a Cr-rich oxide layer 

forms, as indicated in Figure 4.12. The local formation of a Cr-rich oxide  - known as a 

‘healing layer’ – arrests further oxidation and carburisation at a local scale [4.16, 4.24]. 

Historically, it was understood that C ingress into the steel matrix would occur as part 

of the oxidation mechanism [4.24, 4.29, 4.49]. However, it was believed at the time that 

C ingress would be limited by the formation of the Cr-rich layer that would develop 

during service exposure, and would act as an effective barrier for C diffusion into the 

underlying matrix [4.24, 4.50]. As a result, carburisation was not considered as part of 

structural integrity procedures. Examinations of ex-service components have shown 

carburisation beneath the Cr-rich layer, which will have likely occurred prior to the 

formation of this ‘healing’ oxide layer. Additionally, a Cr-rich layer does not always 

form, which will result in the continuous ingress of C as shown in Figure 4.12. Through 

either mechanism, carburisation is observed across a wide range of plant 

components [4.23, 4.24, 4.44]. 

4.2.2 Effect of gas environment  

Variations in operating environment can affect the oxidation and carburisation 

behaviour of steels. One such parameter is the gas environmental pressure. 

Huenert et al. [4.31] concluded that 𝑎H would increase at the oxide-metal interface with 

increasing pressure. This is primarily due to the equilibrium of the reaction(s) shifting 

towards the products caused by the applied pressure. Additionally, as oxidation and 

carburisation are diffusion-controlled processes, they are heavily influenced by 

temperature (see Section 3.3).  
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The radioactive 14C diffusion dependency on temperature was studied by 

Agarwala et al. [4.51]. This study, conducted on several austenitic stainless steels, 

observed 14C diffusion at 600 °C to be in the order of five times greater than at 550 °C, 

and sixteen times greater than at 500 °C as illustrated in Figure 4.13 [4.51].  

 

Figure 4.13. Temperature dependence of the C diffusivity in austenitic stainless 

steels [4.51].  

Type 316H austenitic stainless steels operating above 480 °C are expected to form 

a duplex oxide layer [4.2, 4.23, 4.24]. Below 480 °C, the duplex oxide layer is unlikely 

to form and, if it does, the diffusion rate of C at these temperatures is so low that no 

significant carburisation is expected to occur. At 650 °C and above, a Cr-rich layer is 

expected to develop that halts oxidation and carburisation. There is a greater risk of 

carburisation on type 316H austenitic stainless steels in an AGR primary gas coolant at 

higher operating temperatures.  
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In most of these experiments, it was not 
possible to establish the concentration C, with 

sufficient accuracy. In order to eliminate the 
determination of CS4) differential form of eq. (2) 

( - dC/dX) = (&/],‘a) exp ( - X2/4Dt) (3) 

has been used to yield the slopes from the plots 

of log (- dC/dX) vs X2 from which diffusion 
coefficient has been calculated. The characte- 
ristic plots of log ( -dC/dX) vs X2 are given 
in fig. 2. The plots of log (- dC/dX) vs X2 were 
found to be linear in the temperature range 
(450-1200 "C), thus showing the insignificant 
contribution of the grain boundary diffusion. 

In some of the specimens, specially with smaller 
grain size, deviation from linearity in the plot 

log ( - dC/dX) vs X2 at lower temperature has 
been observed; diffusion coefficients were not 

determined from such plots. The ‘D’ values 
obtained along with the time of diffusion 

anneals is given in table 2. Temperature 

dependence of lattice diffusivity (fig. 3) was 
found to obey an Arrhenius relation in all the 

three types of steels. The DO and Q values 
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Fig. 3. Temperature dependence of diffusion of 
carbon in stainless steels. 

have been calculated by the least square method 
in the temperature range of 450 to 1200 "C 
having an error of 19 y0 and 1.5 y0 respectively. 

The diffusion of carbon in 304, 347 and 316 
steels could be expressed as 

h/304 s. steel = 6.18 exp ( - 44 610/M’) ; 
LA347 s. steel=0.35 exp (-40 140/M'); 
Dc/316 8. steel=0.19 exp (-37 400/RT). 

TABLE 2 

Temperature dependence of diffusivity of carbon in 

“304”, “347” and “316” stainless steels 

j 
~ Temperature 

Diffusion ~ 
/ofi, coefficients 

I Time 
Type of steels csecJ 

I “I 
(cm2/sec) 

I 

304 

347 

2.88 x 104 
2.88 x 104 
3.6 x 103 

3.6 x lo3 

3.6 x lo3 

3.6 x lo” 

3.6 x lo3 

7.2 x lo3 

7.2 x lo3 

7.2 x 103 

3.6 x lo3 

3.6 x lo3 

1.8 x 103 
3.6 x 10” 

3.6 x lo3 

3.6 x lo3 

3.6 x lo3 

2.88 x lo” 

1.44 x 105 

2.88 x lo4 
7.2 x lo3 

7.2 x lo3 

7.2 x lo3 

7.2 x lo3 

3.6 x 10” 

3.6 x lo3 

3.6 x lo3 
3.6 x lo3 

3.6 x lo3 

1.8 x lo3 

1.8 x lo3 
1.8 x lo3 

1.8 x lo3 

450 

.500 

550 

600 

650 

670 

690 

720 

750 

790 

820 

850 

880 

925 

!>50 

1000 

1060 

1100 

1200 

/ 2.05 x 10-l” 

l.jP >( 10 ~‘2 

( 3.93 x lo-‘2 

4.27 x 10 -‘I 

1.66 >( 10-l” 

3.02 x 10-l” 

4.57 x 10 1” 

; 8.71 x loo-I” 

1.91XlO~” 

3.98 Y lo- !’ \ 
7.25 x 10 !’ 

1.02 x 10 -8 

2.19x 10-a 

4.36 x 10m8 

6.61 x lo-* 

1.45x 10-T 

( 2.75~ lo-’ 

I 5.01 x 10 -7 

1.54x lo--” 

450 2.06 x lo-l3 

.500 1.60 x lo-~= 

550 5.84 x 10 -Is 

600 3.76 x lW1” 

650 1.12x IO-‘” 

700 3.35 x’ 10-l” 

750 9.44x tom10 

800 2.51 x 10-9 

850 5.31 x 10-g 

900 1.19x 10-B 

950 2.37 x 1O-8 

1000 

1050 

; 4.47 x 10-e 

8.41 x lo-” 

1100 1.41 x 10-T 

1150 ! 2.51 x 1O-7 

1200 3.98 x 10-7 
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As discussed in Section 4.1, the presence of H2O in the gas environment increases 

the oxidation rate of steels [4.7, 4.15, 4.22]. Any change in oxidation rate has the 

potential to alter the oxide morphology, altering the diffusion rates and thus impeding 

or accelerating the gas transport through the oxide scale. The addition of H2O has also 

been observed to increase the carburisation rate of Fe-20Cr steel as illustrated in Figure 

4.14. This has been attributed to the increase in oxidation rate and an increase in 𝑎H (see 

Figure 4.11) [4.7]. This is consistent with Rouillard et al. [4.46] suggesting 

carburisation is influenced by the generation of CO in the CO2 oxidation reaction (see 

Equation 4.10). The greater oxidation rate would therefore produce more CO, 

thermodynamically favouring the dissociation of CO and an increased rate of 

carburisation. Therefore, the parameters that influence the oxidation rate will reduce or 

increase the carburisation rate too.  

 

Figure 4.14. Severe carburisation in Fe-20Cr steel when exposed at 650 °C to a gas 

environment that contains H2O [4.7]. 

Small increases in the volume of CO have been discussed (see Section 4.1.3) to 

increase the oxidation rate significantly [4.29] and therefore could be assumed to impact 

the carburisation rate. Whilst CH4 can dissociate via the hydro-carbon reaction in 

Equation 4.13, any increase in the amount of CH4 in the AGR primary gas coolant 

(see Fig. 1). If, in addition, the scale transmits the CO2 and CO spe-
cies, low values for pO2

result in high values for pCO=pCO2
(by virtue

of reaction (2)), and therefore for aC (via reaction (3)). The phase
constitution and composition of the growing scale control the
establishment of chemical potential gradients and resulting driv-
ing forces, while its transport properties limit the availability of
the molecular species at the metal/oxide interface.

It is proposed that all gas species but Ar can reach the scale/al-
loy interface, where local thermodynamic equilibrium is assumed
to be achieved. Thus pO2

is controlled by the metal/oxide equilib-
rium, and aC set by the equilibrium of reactions (2) and (3). The

pCO=pCO2
ratio can be expressed as a function of the dissociation

pressure of the oxide, ðpO2
Þeq

pCO

pCO2

¼ K2

ðpO2
Þ1=2

eq

ð8Þ

where K2 is the equilibrium constant for reaction (2). This ratio de-
pends only on the nature of the oxide, alloy composition and
temperature.

Fig. 7. Carburisation kinetics of Fe–9Cr at 650 !C. Values obtained from average of
at least 10 measures, with minimum and maximum indicated by the error bars.

Fig. 9. Non-uniform carburisation pattern of Fe–20Cr after 120 h exposure to Ar–
20CO2 at 650 !C. Samples etched with Murakami’s reagent. (a) Thin Cr2O3 scale and
limited carburisation; (b) thick Fe-rich scale and extensive carburisation.

Fig. 10. Carburisation kinetics of Fe–20Cr at 650 !C. Values obtained from average
of at least 10 measures, with minimum and maximum indicated by the error bars.

Fig. 8. Carbide volume fraction in Fe–9Cr exposed to (a) Ar–20CO2 and (b) Ar–
20CO2–20H2O at 650 !C. Values obtained from average of 4 measures at each depth,
with minimum and maximum indicated by the error bars.

T. Gheno et al. / Corrosion Science 53 (2011) 2767–2777 2771
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would be at the expense of CO2 or CO and therefore the precise change, if any, to the 

carburisation rate is uncertain.  

4.2.3 Effect of alloy composition and microstructure 

The mechanism of carburisation begins with the rupture and spallation of the 

chromia film which,  once spalled and unable to reform, signifcant carbursation  ensues. 

Therefore, as discussed in Section 4.1.2 the alloy composition, (both overall and esp. 

locally) plays an important role in intially protecting steel from carburisation.  

 

Figure 4.15. The 14C diffusion in type 316 steel compared to 304 and 347 

steel [4.51].  

During carburisation, the alloy composition also has a significant role in the 

development of a carburised layer. The 14C diffusion study conducted by 

Agarwala et al. [4.51] also investigated the diffusivity of C through different grades of 

austenitic stainless steels. These results show greater C diffusion in type 316 stainless 

steel than type 304 across all temperatures as is shown in Figure 4.15. They also report 
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equation under proper boundary conditions is where 
given by 

x=x--a& 

C/C8 = 1 - erf (XlZ~~~) (2) 
and 

z 
or 

1 - (C/C,) = erf (X/2jD) = erf Z, 
erfz=2/p l exp (-P)dA. 

0 
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the C diffusivity in austenitic steels with varying contents of Cr, Mn and Ni. They found 

that the diffusion of C increased with increasing additions of Ni, but such additions of 

Cr had the opposite effect, reducing the diffusivity of C. The diffusion rate is influenced 

by the interactions between atoms within the alloy, which are in turn affected by the 

specific structures of the atomic electron shells. Agarwala et al. [4.51] observed an 

increase in the number of electron shell d-vacancies per atom with increasing Cr 

content. This observation is also consistent with Smith [4.16], who also found that 

greater volumes of Cr in spinel oxides inhibits diffusion and similarly attributed this 

with changing electron configuration with the addition of Cr.  

4.3 Concluding remarks 

This chapter has provided a review of oxidation and carburisation theory, supported 

by corresponding literature. These results show that oxidation and carburisation are 

dependent on the rupture and spallation of the chromia film, which initially protects the 

underlying steel from the degradation mechanisms. Once spalled and unable to reform, 

the variability in oxidation behaviour is a function of the alloy chemistry and 

environment composition, as well as temperature and pressure. In addition, 

carburisation is heavily dependent on the morphology of the oxide scales formed, their 

composition and stability.   

Therefore, in order to establish reliable oxidation and carburisation behaviour of 

alloys exposed to carburising environments, it is necessary to conduct studies on the 

same service exposed grade of alloys, and in-service environmental gas chemistry and 

pressure. AGRs consist of a multitude of steel components manufactured from a range 

of suppliers; however, research concerning the cast-to-cast variability in such 

mechanisms is limited. Chapter 7 in this thesis discusses the simultaneous oxidation and 
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carburisation results of two ex-service type 316H steels exposed to simulated AGR 

primary gas coolant.  
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5 Mechanics of steels 

In industrial applications, structural components commonly operate at elevated 

temperatures and are subjected to forces or mechanical loads. They must be able to 

withstand the harsh service environment and be structurally sound to function safely for 

that purpose. In AGRs, structural components and boiler pipework are exposed to local 

temperatures up to 650 °C. These components are susceptible to long-term creep, creep-

fatigue crack initiation followed by creep-fatigue crack growth [5.1-5.3]. Besides these, 

surface oxidation and simultaneous near-surface carburisation of austenitic stainless 

steels can occur which, as a consequence, can impact the creep-fatigue crack tolerance 

of the material [5.1-5.3].  

The structural integrity assessment of AGR austenitic boiler components, operating 

sufficiently high for creep straining to be important, is specified industrially through the 

application of the R5 structural integrity procedure [5.3, 5.4]. The procedure determines 

the accumulated creep and fatigue damage from service exposure, to assess whether the 

component is fit for service. The assessment of the remnant life using R5 considers the 

creep and fatigue damage separately, with failure occurring when the sum of fatigue 

and creep damage reaches a given failure criterion, for instance in R5 when total damage 

is greater than one [5.3, 5.4]. The R5 assessment calculates the creep damage using the 

‘ductility exhaustion’ concept which is stated to accurately describe the mechanisms of 

creep [5.3, 5.4]. To calculate the total creep damage of a component, the material’s 

creep deformation, rupture and ductility, as well as tensile properties, are required. A 

summary of the R5 assessment applied to type 316H austenitic stainless steel is 

provided in [5.3]. Confidence in applying the R5 procedure has been achieved by 
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experimental validation such as mechanical testing to establish tensile, fatigue, creep 

and creep crack growth behaviours, along with supporting theoretical and numerical 

research [5.3, 5.4]. Areas of stress concentrations are of concern for remnant life 

assessments and therefore, test specimens validate these higher local stress regions, as 

depicted in Figure 5.1.  

 

Figure 5.1. Schematic showing a crack formed in an area of stress concentration, 

and as a consequence, growing into the steel bulk component [5.4].  

This chapter reports the mechanical testing of alloys at high temperatures, and 

includes an evaluation of the tensile and creep deformation mechanisms that operate in 

steels. In addition, a review is presented of the available literature concerning the 

mechanical testing in carburising environments or of pre-carburised test pieces.  

assessments, further confidence is obtained by the use of
appropriately conservative materials data and by
sensitivity analyses. Such analyses are an important
element of an R5 assessment and are used to demon-
strate that the assessment result is not sensitive to
realistic variations in the input parameters. This is
discussed further in the context of a creep–fatigue
damage assessment in the subsection ‘Step-by-step
procedures of R5 Volume 2/3’.

Assessment of the safe operating life of components,
operating at temperatures that are sufficiently high for
creep to be a potential failure mechanism, may be
divided into two stages. The first is assessment of the
time for cracking to occur in the initially defect free
component as a result of combined creep and fatigue
damage. The second is assessment of the time for a crack
in the component to grow to a critical size as a result of
creep and fatigue mechanisms. This is shown schema-
tically in Fig. 1 where a crack is assumed to form at a
stress concentration and then to grow into a component.
The second stage may be applied to a crack formed in
the first stage or it may be applied separately as part of a
fitness-for-service assessment to demonstrate tolerance
to postulated defects or defects found by inspection
methods. Overall strategies for design or in service
demonstration of structural integrity are discussed in
more detail in Ref. 1, for example.

Creep–fatigue initiation methods for stage 1 generally
employ separate calculations of creep damage and
fatigue damage. These are then combined according to
an interaction rule to give the time, or number of cycles,
to lead to creep–fatigue crack initiation. Creep damage
has traditionally been calculated using a time–fraction
rule and this approach is incorporated in the American

Society of Mechanical Engineers (ASME) and French
RCC-MR Codes.2,3 However, there are detailed differ-
ences in the application of the time–fraction rule in
different codes in terms of safety factors on creep
rupture curves and the interaction rules for combining
the calculated creep damage with fatigue damage.

An alternative to the time–fraction approach is the
ductility exhaustion method. Early developments of
this4 led to incorporation of the method in the first
version of the R5 assessment procedure.5 As with the
time–fraction rule, there were detailed differences with
other ductility exhaustion methods in terms of the
definition of creep ductility and the associated interac-
tion rules.6 This led to further developments which
suggest that the method is capable of greater accuracy
than the time–fraction rule.7

Formalised procedures for assessing cracks in com-
ponents operating in the creep range were first produced
over 15 years ago.8 These subsequently became Volume
4 of the first issue of R5.5 Methods for treating creep–
fatigue crack growth were later added as Volume 5.
Since then, there have been developments in methods for
assessing both creep and creep–fatigue crack growth, as
described in Refs. 9–11, for example. These led to
updates to both Volumes 4 and 5 in Issue 2 of R5.12

These crack growth parts of the R5 approach have also
been included in the British Standards document
BS7910,13 as described in Ref. 14.

The following section ‘R5 procedures’ provides an
outline of the overall approach and structure of the
recently completed R5 Issue 3.15 Then the section
‘Procedures of R5 Volume 2/3’ sets out the creep–
fatigue crack initiation procedure of R5 in detail. Some
information on recent developments to these procedures
is included. This is followed by the section ‘Procedures
of R5 Volume 4/5’ which describes the R5 creep–fatigue
crack growth procedure. Again, some background
developments are described. Finally, the section
‘Closing remarks’ indicates areas where there are
continuing developments both in R5 and in other high
temperature assessment procedures worldwide.

R5 procedures
These provide an assessment of the continuing integrity
of a component, where the operating lifetime might be
limited by one of the following mechanisms:

(i) excessive plastic deformation due to a single
application of a loading system

(ii) creep rupture
(iii) ratchetting or incremental plastic collapse due

to a loading sequence
(iv) creep deformation enhanced by cyclic load
(v) initiation of cracks in initially defect free material

by creep and creep–fatigue mechanisms
(vi) growth of flaws by creep and creep–fatigue

mechanisms.
R5 is an established methodology, first produced about
20 years ago.5 It is written as a series of step-by-step
instructions in a number of volumes, each addressing
one or more of the above mechanisms affecting
structural integrity at high temperature. Recently, the
former Volumes 2 and 3 of R5 were combined into a
single procedure for assessing defect free structures and
the former Volumes 4 and 5 were combined into a single

1 Schematic illustration of crack formation at a stress

concentration, its subsequent growth in region of plas-

ticity near stress concentration feature, and its growth

into part of component where response may be predo-

minantly elastic apart from region close to crack tip

Ainsworth R5 high temperature assessment procedures

108 International Materials Reviews 2006 VOL 51 NO 2
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5.1 Deformation mechanisms 

Structural, reactor  materials in service are subjected thermo-mechanical loads. A 

metal deforms elasto-plastically when it is subjected to an external force of sufficient 

magnitude. It is essential to understand the characteristics of a material’s response to 

such loads, both instantaneous and over the time, when the material is in-service. To do 

this, mechanical properties of a material are obtained through experimental testing, 

combined with theoretical constitutive behaviour laws. Careful consideration must be 

given to experiments that replicate as nearly as possible the service conditions. It is 

imperative that tests are conducted to known international standards. Two common 

standard bodies include ASTM International (formerly known as America Society for 

Testing and Materials) and British Standards Institute (BSI). The following section 

introduces the data generated from tensile and creep tests, and the relevant deformation 

mechanisms.  

5.1.1 Tensile stress-strain curve 

The elastic and plastic deformation response for a material can be obtained from a 

tensile test, which produces a stress-strain curve like that illustrated in Figure 5.2. The 

tensile procedure followed in this project is detailed in Section 6.3.1.  

Initially when the material behaves elastically, the strain, 𝜀)('A+%H , and applied 

stress, 𝜎, are linearly proportional to each other, which can be described by Hooke’s 

law: 

 𝜀)('A+%H =
𝜎
𝐸 (5.1) 

where 𝐸 is the Young’s modulus which is a measure of the material’s stiffness, and 

corresponds to the slope of the elastic region in the stress vs. strain curve (see Figure 
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5.2). A material is said to be elastic until it reaches its yield stress, 𝜎>%)(@ . In instances 

where the yield stress is not obvious,  the proof stress (𝜎;!./), defined as the stress at 

which a material has strained plastically to 0.2%, is provided (see Figure 5.2). Beyond 

the yield/proof stress, the stress-strain response is not linear due to the material strain 

hardening (also known as work hardening) as the material exhibits more resistance to 

further deformation. The slope of the plastic region in the stress-strain curve defines the 

work hardening rate. As the material plastically elongates, the cross-sectional area 

uniformly reduces and the load bearing capacity increases until it reaches a maximum 

load called the ultimate tensile strength (UTS). At this point, the material will undergo 

localised deformation, resulting in necking where the local reduction of the cross-

sectional area occurs. This causes a stress concentration, resulting in further 

deformation occurring in this local region and eventually in fracture of the material, as 

depicted in Figure 5.2. An extensive summary of the tensile properties for type 304 and 

316 steel can be found in ref. [5.5] 
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Figure 5.2. The typical monotonic tensile curve of a ductile material showing 

elastic-plastic strain hardening. E is the Young’s modulus of the material.  

So far, engineering stress and strain have been considered. However, under an applied 

load the cross-sectional area of a specimen will reduce. Therefore, the true stress acting 

on the material will be greater than the engineering stress. Similarly, in order to account 

for the continuous changing length dimensions, the true strain can be determined. For 

small strain values, similar to those observed in interrupted creep specimens presented 

in this thesis, the values of engineering and true stresses and strains are similar. 

5.1.1.1 Ramberg-Osgood material model 

For most strain hardening materials that have a similar tensile behaviour to that 

illustrated in Figure 5.2, the tensile stress-strain response can be described by assuming 

that the elastic response can be expected to follow a linear straight line and the plastic 

region described by a power law relationship. The elastic and plastic components are 
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then summed to obtain the total strain. This is commonly referred to as the Ramberg-

Osgood material model [5.6], and for uniaxial tensile tests can be expressed as: 

 𝜀 =
𝜎
𝐸 + �

𝜎
𝐾�

D *J
 (5.2) 

where 𝐾  is the strength coefficient (Pa) and 𝑛  is the strain hardening coefficient 

(adimensional). The coefficients in Equation (5.2) can be obtained by fitting the 

equation  to the experimental tensile data of the material.  

At a given location within the plastic region (> 𝜎>%)(@) on the stress-strain curve, 

the flow stress (𝑌K, or 𝜎K) can be obtained. It defines the instantaneous value of stress 

needed for plastic deformation to continue. However, the plastic response and thus the 

flow stress are dependent on the temperature,	𝑇, and strain rate, 𝜀.̇ The two dependences 

are often incorporated into a single parameter, the Zener-Hollomon parameter, 𝑍, which 

is expressed as: 

 
𝑍 = 𝜀̇ 	× 	𝑒𝑥𝑝L

M
NOJ P 

(5.3) 

where, 𝑄  is the activation energy and 𝑅  is the gas constant. 𝑍  increases with faster 

straining rates ( 𝜀̇ ) and at lower temperatures ( 𝑇 ). The operative deformation 

mechanisms within a material can be interpreted using the 𝑍 parameter. 

5.1.2 Creep deformation 

Creep is the time-dependent inelastic deformation that occurs in materials subjected 

to a constant load at elevated temperature [5.7]. The temperature above which creep is 

operational depends on the material involved, and it is generally assumed to be around 

30 – 40% of the absolute melting temperature. Creep strains can occur when the 

material is below its yield stress at the test temperature. However, the stress at which 

the material is subjected to will impact the actual temperature at which creep begins. 
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The phenomenon of creep is a consequence of thermally-activated microstructural 

mechanisms over time. The creep deformation can be separated into different, 

sometimes competing, mechanisms [5.7-5.9]: 

• Diffusion creep – either by: 

o Lattice diffusion (Nabarro-Herring creep) 

o Grain boundary diffusion (Cobble creep) 

• Dislocation glide and climb creep, also termed power-law creep 

• Creep by dynamic recrystallisation 

• Dislocation glide – low temperature plasticity 

• Grain boundary sliding 

• Mechanical twinning 

• Elastic collapse  

Mechanisms not relevant for this work, and therefore not considered for further 

discussion, include low-temperature dislocation glide, grain boundary sliding, 

mechanical twinning and elastic collapse. The dominant deformation mechanism is 

dependent on the material, applied stress and test temperature. The deformation map for 

type 316 steel is shown in Figure 5.3. Generally, a material’s creep resistance reduces 

at high temperature. At the temperatures which the type 316 steel is exposed to in AGR 

service, namely 460 – 650 °C, power law creep is expected to be the dominant creep 

mechanism.  
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Figure 5.3. Creep deformation map for type 316H steel with an average grain size 

of 50 µm [5.8]. 

5.1.2.1 Diffusion Creep 

At high temperatures and low applied stresses, diffusion creep (or diffusional flow) 

is the dominant mechanism for type 316 steel [5.7-5.9]. When considering the stress 

state of a grain under an applied stress, grain boundaries normal to the applied load 

direction are under tension whilst those grain boundaries parallel to the applied load 

direction are under compression, as illustrated in Figure 5.4. As a result, grain 

boundaries under compression have an increase in activation energy to generate 

vacancies, whereas the opposite is true for grain boundaries under tension. 

Consequently, vacancies migrate via self-diffusion from the grain boundaries under 

tension to those under compression. An equivalent matching flow of atoms migrate in 
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the opposite direction from grain boundaries under tension to those under compression. 

With continued diffusion creep, the grain elongates in the direction of the tensile stress 

and contracts in the plane normal to the applies stress [5.9]. The pathways through 

which the self-diffusion of vacancies or atoms move is either by lattice or grain 

boundary diffusion, named Nabarro-Herring or Coble creep respectively [5.7-5.9]. 

Under diffusion creep conditions, theoretical models and experimental evidence has 

suggested the creep straining rate (𝜀̇) to be proportional to the applied stress 𝜀̇ ∝ 𝜎 [5.7]. 

 

Figure 5.4. The mechanisms of diffusion creep under a compressive stress σc 

(parallel to the applied load direction) as compared to those under a tensile stress 

σt (normal to the applied load direction). The atomic migration pathways occurs 

either by lattice diffusion indicated by the blue arrows (i.e. Nabarro-Herring 

creep) or by grain boundary diffusion indicated by the red arrows (i.e. Coble 

creep) [5.10]. 
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5.1.2.2 Dislocation Creep 

Dislocation creep occurs for materials under relatively high applied stresses and 

temperatures for extended periods of time. The process for dislocation creep is 

presented in Figure 5.5 and is further explained below.  

 

Figure 5.5. Schematic showing the stages of dislocation glide and climb mechanism 

of an edge dislocation.  

When the material is under an applied stress, dislocations move or glide along a 

slip system. However, this motion can be blocked by solid solution strengthening 

alloying elements present in the microstructure, thereby improving the creep strength, 

such as interstitial elements or precipitates (C is such an obstacle for type 316H 

steel) [5.7, 5.9]. Dislocations can move past these obstacles by a diffusion-assisted 

process called dislocation glide and climb whereby the dislocations can move to an 

adjacent slip plane, thereby releasing them from the blockage. Dislocations are also able 

move past the blockage through a change in local stress direction, vacancy diffusion 

within the lattice, or pipe diffusion through the dislocation core. The dislocation would 

then glide until it encounters the next obstacle, where the process would repeat itself. It 

can therefore be said that dislocation creep is controlled by self-diffusion [5.7, 5.9]. The 

climb is suggested to be responsible for almost all of the resulting strain [5.10]. As 
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temperatures increases, so does the likelihood of vacancies that may assist the glide and 

climb process.  

Experimental evidence has shown that dislocation creep results in a power law 

relationship between the creep straining rate ( 𝜀̇ ) and the applied stress 	

𝜀̇1 ∝ 𝜎*	where	n and C are material properties [5.7]. 

5.1.2.3 Dynamic recrystallisation 

During deformation, the majority of the work imparted into the material is released 

as heat, and a small amount (approximately 1%) remains as energy stored in the 

material [5.11]. This stored energy induces changes in microstructure and material’s 

properties, and is a result of the accumulation of dislocations and point defects which 

were formed during deformation [5.11].  

Recrystallisation is defined as the process by which new grains are formed within 

the deformed microstructure during plastic deformation [5.11]. The original deformed 

grains which possess high stored energy (i.e. high dislocation density) are consumed by 

the new grains which contain lower stored energy (i.e. lower dislocation density 

compared to the original grain), by the removal or rearrangement of defects including 

dislocations. [5.9, 5.11].Recrystallisation generally occurs at high temperatures, and is 

a recovery mechanism, which reduces the flow stress (𝑌K, or 𝜎K) required to continue 

deforming the material plastically [5.9, 5.11].  

The formation of new grains during creep deformation is termed ‘dynamic 

recrystallisation’ [5.9, 5.11]. Dynamic recrystallisation generally begins at original 

grain boundaries, where new grains nucleate and grow into the original deformed 

grain [5.9, 5.11]. An example stress-strain curve for a Fe-C steel possessing 0.68 wt.%C 
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is presented in Figure 5.6 illustrating the softening effect of dynamic recrystallisation 

during plastic deformation. 

 

Figure 5.6. Example of a stress-strain curve for 0.68 wt.% C steel that undergoes 

dynamic recrystallisation showing the effect of temperature on the mechanical 

response (i.e. decreasing Zener-Holloman parameter with increasing 

temperature) [5.11].  

5.1.2.4 Creep Response and Performance Parameters 

The creep response of a material can be assessed by performing a high-temperature 

creep test under constant load or stress. The creep procedure followed in this project is 

detailed in Section 6.3.2. o 

A typical strain - time curve is presented in Figure 5.7, and is generally known as 

the creep curve. This curve represents both the strain-on-loading (hot-load) and 

subsequently the forward creep behaviour. The initial strain-on-loading represents the 

elastic and plastic strain induced by the loading of the specimen up to the target stress. 

Once under a constant applied load, the creep curve can be categorised into three distinct 

regions, as annotated in Figure 5.7, according to the change in strain rate over time (𝜀Ḣ). 

The first is the primary creep region, which consists of a decreasing creep strain rate 

the new grains increases, thus reducing the driving force for further growth, and the
recrystallizing grains eventually cease to grow. An additional factor which may limit the
growth of the new grains is the nucleation of further grains at the migrating boundaries.

This type of dynamic recrystallization, which has clear nucleation and growth stages,
can be classified as a discontinuous process. There are other mechanisms which produce
high angle grain boundaries during high temperature deformation, and which may
be considered to be types of dynamic recrystallization. These phenomena are discussed
in §13.4.

13.3.1 The characteristics of dynamic recrystallization

The general characteristics of dynamic recrystallization are as follows:

! As shown in figure 13.12, the stress-strain curve for a material which undergoes
dynamic recrystallization generally exhibits a broad peak that is different to the
plateau, characteristic of a material which undergoes only dynamic recovery (fig.
13.1). Under conditions of low Zener–Hollomon parameter, multiple peaks may be
exhibited at low strains, as seen in figure 13.12.

! A critical deformation ("c) is necessary in order to initiate dynamic
recrystallization. This occurs somewhat before the peak (!max) of the stress strain
curve. For a range of testing conditions, !max is uniquely related to the Zener–
Hollomon parameter (Z).

! ec decreases steadily with decreasing stress or Zener–Hollomon parameter, although
at very low (creep) strain rates the critical strain may increase again (Sellars 1978).

! The size of dynamically recrystallized grains (DR) increases monotonically with
decreasing stress. Grain growth does not occur and the grain size remains constant
during the deformation.

Fig. 13.12. The effect of temperature on the stress-strain curves for 0.68%C steel,
deformed in axisymmetric compression, _""¼ 1.3# 10$3 s$1, (Petkovic et al. 1975).

428 Recrystallization
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with time. The decreasing creep rate (an increase in the material’s creep resistance) is a 

result of the material strain hardening by virtue of the forward creep deformation. The 

second stage is secondary creep (sometimes referred to as ‘steady-state creep’), which 

has a nearly constant creep strain rate. During this regime, the creep rate is determined 

by the competing mechanisms of strain hardening and dynamic recovery. In the latter 

mechanism lattice defects are removed through thermal softening, thus making the 

material less resistant to further creep deformation. Within this region, the minimum 

creep rate can be determined as illustrated in Figure 5.7. The final stage is named tertiary 

creep which has an accelerating creep rate until specimen fracture. The increasing creep 

rate is induced by the reduction in the load-bearing area of the specimen, and thus an 

increase in the effective stress applied to the specimen. This can occur from localised 

necking and/or from microstructural damage induced by creep such as crack initiation 

and growth [5.12].  
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Figure 5.7. (a) Typical monotonic creep strain vs time curve showing the initial 

strain-on-loading and the subsequent forward creep behaviour which includes 

primary, secondary, and tertiary creep regions. The minimum creep rate is 

determined during the secondary creep regime as illustrated and is given by �̇�𝒄. 

The average creep rate is illustrated by the red line and �̇�𝒄𝒂𝒗. (b) The change in 

creep strain rate is also illustrated showing the steady creep strain rate during the 

secondary creep regime. 

The ‘strain at fracture’ (sometimes referred to as failure) is frequently related to the 

ductility of the material, termed ‘creep ductility’, and is found to be correlated with the 

creep straining rate (and stress), as illustrated in Figure 5.8 [5.3, 5.13-5.15]. For 

instance, short-term tests which possess high creep straining rates will induce fracture 
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at a creep ductility similar to the fracture strain of a tensile test. This is because the 

dominant deformation mechanism operating is related to plasticity, and by considerable 

necking of the specimen gauge length leading to an increase in effective stress. This is 

illustrated by the upper shelf in Figure 5.8. At lower creep straining rates, for example 

long-term (1000s h), low stress tests (below the proof stress of the material), creep 

deformation mechanisms dominate, which reduces the creep ductility compared to the 

higher straining rates [5.3, 5.13-5.15]. This is illustrated by the lower shelf in Figure 

5.8. 

 

Figure 5.8. Creep ductility of Type 316H stainless steel at 570 and 600 °C showing 

the correlation between creep strain at failure (ductility) and the average creep 

strain rate �̇�𝒄𝒂𝒗 (see Figure 5.7) [5.3].  

The minimum creep rate obtained from the secondary creep region can be regarded 

as representative of the material’s creep behaviour. For a material undergoing 

dislocation creep during secondary creep, the number of dislocations climbing away 

from obstacles equals to the rate of dislocations blocked by obstacles [5.7]. The 

relationship between the minimum creep rate and the applied test stress at a constant 

temperature can be represented by the Norton power-law relationship [5.16]: 
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 𝜀Ḣ = 𝐴σ* (5.4) 

where 𝐴  is a constant and 𝑛  denotes the stress exponent. These two Norton creep 

parameters can be determined by plotting the log minimum creep rate versus log stress, 

and a linear line of best fit to the data created. The controlling creep deformation 

mechanism has been shown to correlate with the value of the stress exponent [5.16]. 

When the n value is 1, diffusion creep is thought to play a dominant role in the creep 

mechanism [5.17], whereas dislocation glide and climb is suggested to be dominant 

when the n value is 5-7 [5.17]. Higher stress exponents, up to 13, have been determined 

for stainless steels, including type 316, with dislocation glide and climb still suggested 

to be the main creep deformation mechanism [5.18-5.20].  

 

Figure 5.9. TEM image showing dislocation (blue) impeded by second phase 

particle (red) in ferritic alloy exposed to forward creep [5.9].  

The formation of second phases, such as carbides, influences the dislocation 

dynamics as illustrated in Figure 5.9, which shows a dislocation impeded by a second 

phase. Often, alloys are designed to precipitate second phases in order to strengthen the 

material and improve the creep resistance. Such materials generally exhibit a higher 

stress exponent greater than or equal to 13 [5.9].  
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5.2 Creep of steels 

As being one of the most common steel grades for fabricating high-temperature 

pressure components, both in nuclear and non-nuclear power plants, there have been 

numerous creep studies conducted on type 316 stainless steel. For economical and 

practical reasons, these studies are generally conducted at high stresses/temperatures to 

reduce the length of the creep tests, and the results are then extrapolated to lower 

stress/temperatures [5.12, 5.13, 5.21-5.24]. One such creep study performed on as-

received type 316 stainless steel between 525 and 900 °C was conducted by 

Morris et al. [5.12, 5.22, 5.23]. The longest creep test conducted at 525 °C in that study 

fractured after 3000 h on test (360 MPa). The investigation identified the strain-on-

loading, and the subsequent generation of dislocations that resulted from such strain, 

and its significant impact on the precipitate density that formed during creep. Both the 

existing dislocations and carbide particles hinder the dislocation motion during creep 

deformation. Therefore, the number density of both dislocations and carbides has a 

direct impact on the subsequent creep rate and material’s creep resistance. The 

dislocation and carbide density as a function of initial strain-on-loading is presented in 

Figure 5.10. At 900 °C and low stresses less than 30 MPa, creep was suggested to be 

controlled by a diffusional creep mechanism. Whilst for all other conditions, the 

dominant creep mechanism was observed to be dislocation glide and climb [5.12].  
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Figure 5.10. Dislocation and intergranular carbide densities observed after loading 

a specimen to a given strain and then unloading. Specimens annealed for 400 h at 

625 °C [5.22]. 

 

Figure 5.11. Experimental creep results (points) and fitting models (dashed lines), 

with the regimes corresponding to dominant deformation mechanisms [5.24].  

Models that describe the creep mechanisms have been proposed and developed 

based on long-term creep data [5.10, 5.24, 5.25]. One such study by Rieth et al. [5.10, 
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5 Dislocation and intragranular carbide densities observed
after loading to various strains, and subsequently
annealing for 400 h at 625°C in the absence of stress.

6 Creep rate as a function of applied stress at temperatures
between 525 and 900°C.

where f. is the minimum creep rate, (J the true applied stress
at the strain where the creep rate was recorded and n was
constant for each temperature (see Fig. 6). At most of the test
temperatures the results could be represented by a single
equation but at 900°C there was an inflection in the data
plot (Fig. 6), such that two logarithmic expressions, one for
the high strain rates and the other for the low strain rates,
were required. The values of the stress index n decreased
with increasing temperature, ranging from about 20· at
525°C to around 6 at the higher temperatures. The low
strain rate range at 900°C yielded an even smaller exponent
of about 3. Similar changes of exponent on lowering the
stress at a given temperature have been observed previously
and interpreted in terms of a change in the rate controlling
mechanism. 12, 13 It is likely that the change occurring here
was from a dislocation creep mechanism at high stresses
(suggested by the high stress index) to a grain boundary
sliding or diffusional, creep mechanism at the lower
stresses.13 The stress exponent observed in the low stress
regime (""' 3) was higher than that expected for diffusional
creep mechanism (""' 1)13-16 which may be the result of the
testing being carried out in the transition region between
dislocation and diffusion creep, where intermediate stress
exponents may be expected.12 However, measurements of
grain boundary sliding or of the grain size dependence of
creep have not been carried out and the precise creep
mechanism cannot be deduced.
Figure 7 illustrates the temperature dependence of the

creep rate at constant stresses between 50 and 500 MN m - 2
(shear modulus variations with temperature are not

considered in this figure). These results were interpolated
from the data plots in Fig. 6 and so were obtained from
specimens tested at the same stresses at the different
temperatures (and thus having differing structures). At all
stresses and temperatures above 575°C the slopes of the
lines were approximately constant, suggesting an activation
energy of 480-500 kJ mol- 1. However, constant structure
activation energy determinations carried out after initially
creeping specimens indicated an activation energy of
270 ± 20 kJ mol-1 at 625, 700, and 850°C, and it follows
that the high value estimated above from Fig. 7 was affected
by the structural differences (i.e. carbide and dislocation
density) in the specimens. Below 575°C the creep rates
shown in Fig. 7 were very much reduced. The creep rate
plots at 525°C were somewhat anomalous (Fig. 8)
exhibiting after loading a period of rapidly reducing creep
rate (Stage I) followed by a period of constant, very low
creep rate, and finally the usual slow acceleration of creep
rate towards failure. At higher temperatures there was no
well defined period of constant creep rate (Fig. 8). The
duration of the very slow creep period was dependent on the
testing conditions, increasing from about 100 to 500 hover
the range of stresses examined. Activation energy measure-
ments, carried out after creeping initially at 525°C into the
slow creep regime, yielded a value of 250 ± 50 kJ mol-1 .

However, the inherent errors in this estimation of the
activation energy were significant because of the very low
creep rates involved. In addition, activation energy
measurements were carried out after creeping initially at
525°C, ageing for 100 h at 625°C to precipitate all the

Table I Dislocation and intragranular carbide densities, mean link lengths, and carbide spacings after loading and annealing
unstressed for 400 h at 625°C

After 400 h at 625°C

Initial loading Initial loading Dislocation Intragran ular Mean dislocation Intercarbide Mean dislocation
stress, strain, density, carbide density, link length, spacing, link length -;-

intercarbide
MNm-2 % m-2 m-3 nm nm spacing

0 0 5 X 1012 5 X 1017 450 1250 0·36
210 4 5 x 1013 1 X 1019 140 460 0·30
230 6 1 x 1014 2 X 1019 100 360 0·28
275 9 1·5 x 1014 8 X 1019 82 230 0·36
320 12 2·5 x 1014 1 X 1020 63 210 0·3

Metal Science November 1978

But as has been demonstrated with the diffusion
creep model (Section 4.1), lattice diffusion can be
completely neglected within the present temperature
range. Therefore, the expression for power-law
creep reduces to

_csPL ¼ c3
lb
kT

rs

l

! "nþ2

DC; ð6Þ

where DC is the core diffusion coefficient with

DC ¼ D0C e%
QC
RT : ð7Þ

DC is of the same order of magnitude as the grain
boundary diffusion constant DB and has therefore
been chosen to be 10%5 m2/s. Again, the shear mod-
ulus l depends on temperature as given in Eq. (5).

This leaves three remaining parameters – the
exponent n, the activation energy QC, and the con-
stant c3 – which have to be fitted to the experimental
data. In log–log-representation the slope is defined
by n, the vertical distance by Qc, and the offset by
c3. Here the parameters have been chosen as fol-
lows: QC = 520 kJ/mol, n = 5, and c3 = 2 Æ 1020.

4.4. Transition from creep by climb to creep
by glide

At stresses above about 10%3 l the power-law
breaks down [16]. That is, starting from this point
(for the present material the onset is at 86 MPa)
the model has to describe a transition from creep
by climb (power-law) to creep by glide (plasticity).

In our model this is expressed by

_csPLBD ¼ c3 sinh a0
rs

l

! "# $nþ2

DC ð8Þ

which leaves only one free parameter (a 0) to fit to
experiment. For this we have only used data from
the 600 !C creep tests to verify the result later on
with the other data and we have chosen a 0 = 800.

5. Discussion

To obtain the complete model all contributions
have to be summed up accordingly:

_cs ¼ _csC þ _csP þ
_csPL for rs 6 86 MPa

_csPLBD for rs > 86 MPa

%
ð9Þ

where the single contributions are given by the Eqs.
(1), (3), (6), and (8). A comparison of the model pre-
dictions and the experimental data is given in Fig. 2.

The transition from power-law creep to plasticity
(which has been fitted to the 600 !C results) also fits
nicely to the results obtained at 550 and 650 !C. At
higher temperatures the experiments have been per-
formed at stresses below the transition range.

The power-law creep range which has been fitted
to the 600, 650 and 700 !C results, applies also for
the 750 !C tests. The experiments at 550 !C, how-
ever, are well above the predictions from the model.

Only the creep tests performed at 600 !C reach
the range of diffusion creep. Therefore, it is not pos-
sible to verify the model for the other temperatures.
But, at least for 600 !C, the model predictions per-
fectly fit the experiments.

To adapt the model to creep experiments with the
AISI 316 L(N) steel only a few parameters are
needed:

• grain boundary diffusion coefficient and activa-
tion energy to describe diffusion creep,

• a generic constant, the core diffusion coefficient
and activation energy, and the power exponent
to describe power-law creep,

• and a generic constant for the description of the
transition from power-law creep to plasticity.

To determine all parameters from experimental
data, it requires creep tests at three different temper-
atures in the usual stress range and at least some
long-term experiments which reach into the diffu-
sion creep regime. In the present case the latter
was not quite fulfilled. Therefore, diffusion creep
might be described somewhat too conservative.
However, all data (with the exception of the

Fig. 2. Creep model (dashed lines) compared to the experimental
results (symbols). The regimes of dominant deformation mech-
anisms are approximated (dotted lines).

918 M. Rieth / Journal of Nuclear Materials 367–370 (2007) 915–919
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5.24] was conducted on as-received type 316LN steel. Whilst a different steel grade to 

316H with minor additions to the composition including C and N, the creep tests were 

completed at lower temperatures and stresses compared to Morris et al. [5.12, 5.22, 

5.23], resulting in the creep test durations up to 10 years in length. The deformation 

model produced by Rieth et al.  [5.10, 5.24] is compared to the experimental creep data 

presented in Figure 5.11, and as can be observed the model and creep data have good 

agreement. The regions of dominant deformation mechanisms are also annotated, and 

show that diffusion creep to operate when at applied stresses of 90 – 100 MPa at 

550 °C [5.10, 5.24, 5.25]. At higher temperatures and/or stresses, dislocation (power-

law) creep is the dominant mechanism [5.22, 5.24-5.26]. 

More recently, a novel physics-based deformation model has been proposed that 

describes the complex internal mechanisms of creep [5.26]. This is achieved by 

accounting for the evolving microstructural state from the initially solution annealed 

condition, such as strain hardening and precipitation. The interactions between the 

competing deformation mechanisms are also modelled. With this model, the creep 

behaviour can be evaluated by the generation of a creep strain curve. The experimental 

creep curve and model are presented in Figure 5.12.  
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Figure 5.12. Comparison between creep curves and multiscale deformation creep 

models [5.26].  

The creep ductility of type 316 stainless steel is affected by the applied stress and 

temperature. At high stresses and temperatures with short test durations, the material’s 

creep ductility is high. However, at lower stresses and temperatures, test durations are 

longer and creep ductility reduces [5.12]. The low ductility has been associated with the 

evolution of the microstructure during forward creep. In particular, the formation and 

coarsening of intergranular precipitates which induce local lattice strains and that are 

preferential sites to nucleate creep cavities [5.10, 5.12]. Over time, the cavities link up 
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to form wedge cracks that propagate to final fracture. Therefore, grain boundaries play 

an important role in the material creep strength. An example of cavities in the vicinity 

of intergranular carbides is presented in Figure 5.13. 

 

Figure 5.13. X-ray nanotomography of an ex-service type 316H stainless steel 

containing a cavitated grain boundary with carbide precipitation [5.27].  

The mechanical performance of materials is also influenced by the presence of local 

residual stresses, which appear via the manufacturing processing (e.g. welding) or from 

service operation, for instance by plastic deformation, thermal gradients or 

carburisation [5.4]. Residual stresses are those stresses that exist in the component when 

under zero applied load. The occurrence of residual stresses will influence the creep 

deformation behaviour, and is taken into consideration during the R5 assessment 

procedure [5.4]. Residual stresses can be either desirable or undesirable, for example, 

compressive residual stresses will reduce the creep deformation rate [5.28]. However, 

tensile residual stresses will accelerate creep deformation and crack initiation [5.4, 

5.29]. Relaxation of residual stresses does occur, altering the magnitude of the stress 

www.nature.com/scientificreports/
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the latter resulting in preferential cavity growth and a lenticular cavity morphology29. A multi-scale study of a 
di!erent area to that characterised in this study, but taken from the same larger region (region 12 in Fig. 1b and c),  
previously identi#ed carbide and ferrite precipitates associated with a single cavitated grain boundary21.

In this study, a multiscale tomography work$ow is employed to investigate how grain boundary properties 
a!ect localised cavitation. 50 nm resolution X-ray CT is employed to characterise the size and shape of cavities 
on three grain boundaries, FIB-SEM serial sectioning and electron backscatter di!raction (EBSD) mapping is 
used to determine the extent of precipitation and the crystallographic misorientation at each grain boundary and, 
#nally, STEM-EDX tomography is used to map the chemical distribution within precipitates at a precisely located 
site on one of the cavitated grain boundaries. Each of the applied imaging techniques is performed within the 
overall volume of the X-ray CT, with the location of each subsequent step chosen at a speci#c location from the 
previous larger scale volume.

Results
Characterisation of Cavitation via Nanoscale X-ray Tomography. The presence of three grain 
boundaries within the micropillar was revealed by X-ray nanotomography, two decorated with cavities and one 
visible only through small intensity di!erences arising from large intergranular carbides (Fig. 2). %e three grain 
boundaries meet at a triple junction in the middle of the pillar, which can be visualised in three dimensions 
through manual tracking of intensity variations due to the intergranular carbides (Fig. 2). %e nano-CT data 
highlights the location and morphology of individual cavities along the cavitated grain boundary. %e carbides 
that are visible as slight changes in intensity along the grain boundary are also present along the cavitated grain 
boundary, but their morphology cannot be determined due to the low X-ray contrast.

It is evident that there is a signi#cant di!erence in the size and morphology of cavities between the two cavi-
tated grain boundaries (Fig. 3a). On grain boundary 1–2 (magenta in Fig. 2) the cavities are primarily smaller and 
more spherical, whereas for grain boundary 1–3 (blue in Fig. 2) the cavities are larger in volume and have a more 
complex morphology. %e size and morphology of the cavities seem to be related, with the larger cavities showing 
a greater departure from a spherical morphology (Fig. 3c). %e di!erence in cavity size and morphology between 
the two boundaries suggests that there is an underlying di!erence in the grain boundary properties a!ecting 
cavity growth or coalescence. Larger cavities show a lenticular shape in general, with largest dimensions along the 
grain boundaries, suggesting that the cavities extend in size primarily along the grain boundaries. Irregular ‘lobes’ 
can also be seen on larger cavities that may be indicative of cavity coalescence.

Previous studies have indicated that cavitation at grain boundaries is primarily governed by the orientation 
of the boundary to the residual stress #eld21, 30. For this reason, the angle between each grain boundary plane 
and the direction of principal stress was measured here. %e cavitated grain boundaries (grain boundaries 1–2 
and 1–3) were found to be at angles of approximately 60° to the direction of principal stress. In comparison, the 
angle between the non-cavitated grain boundary (grain boundary 2–3) and the direction of principal stress was 
measured as approximately 30°.

Characterisation of Grain Boundaries by FIB-SEM and EBSD Analysis. FIB-SEM serial sectioning 
was employed to reveal the extent of precipitation at each of the analysed grain boundaries and to identify cavities 

Figure 2. X-ray nanotomography of the micropillar of the ex-service Type 316 stainless steel containing a 
cavitated grain boundary. (a) Volume visualisation displaying an isosurface rendering of the outer surface of 
the pillar, with traces along the three grain boundaries (coloured blue (grain boundary 1–3), magenta (grain 
boundary 1–2), and turquoise (grain boundary 2–3)) and the surface of the segmented cavities (black). (b) Slice 
through the X-ray nanotomography reconstruction displaying the three grain boundaries and the intensity 
changes associated with cavities and intergranular carbides. (c) Schematic of the grain boundaries in a 2D slice 
based on the intensities observed in (b).
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and sometimes the direction [5.29]. This change in stress state occurs with continued 

high temperature operation and/or a change in thermo-mechanical loading arrangement, 

impacting the overall effect of the residual stress on creep deformation.  

5.3 Effect of carburisation on mechanical performance 

The creep studies discussed so far were conducted in air. However, as is illustrated 

in Figure 5.14, the testing/service environment will impact the creep response of the 

material. This section discusses important results about mechanical testing in AGR 

CO2-rich environments.  

 

Figure 5.14. The effect of the testing environment on the creep response of type 

304 stainless steel at 900 °C and 1200 psi (8.27 MPa) [5.30]. 

A limited number of studies dealt with the mechanical properties of austenitic 

stainless steel grades in CO2 and CH4 gaseous environments, at various temperatures 
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up to 1000 °C [5.31-5.33]. Whilst different alloy compositions to the 316 steel grade, 

these studies revealed that the carburised material has improved tensile strength at the 

expense of ductility to varying degrees, depending on the steel grade and carburising 

environment. Austenitic stainless steels such as HK40 (0.5C-25Cr-21Ni-1.5Si-0.2Mn-

bal Fe) were found to have enhanced creep strength and creep ductility when pre-

carburised in CH4 and creep tested at 1000 °C, compared to the non-carburised 

material [5.32]. However at lower temperatures, carburised HK40 steel exhibited a 

reduction in creep ductility as compared to the non-carburised material [5.32]. 

Therefore, the alloy/gas composition and test temperature impact the mechanical 

performance of carburised steels.  

Studies have investigated the mechanical behaviour of a single cast of type 316H 

stainless steel that had been pre-carburised by exposing to simulated AGR primary gas 

coolant for 3000 h at 600 °C [5.2, 5.20, 5.34, 5.35]. These specimens developed a 

duplex oxide layer and near-surface carburised layer. Within one of these studies [5.35], 

a number of pre-carburised specimens had the centre removed, providing a hollow, 

tube-like geometry, which increased the volume ratio of carburised material to un-

carburised bulk material. This enabled the 0.2% yield stress for the carburised layer 

material to be determined at 516 MPa, which compares to 185 MPa for the as-received 

bulk microstructure when tested at 550 °C [5.35]. The creep behaviour was also 

investigated, but at relatively high mechanical stress (≥ 320 MPa) [5.34]. The creep 

response was attributed to the embrittlement of carburised grain boundaries, that 

preferentially crack during strain-on-loading prior to forward creep. The cracking 

reduced the cross sectional area, increasing the effective stress and the observed 

minimum creep rates [5.34]. Figure 5.15 presents a cross-sectional image of a failed 
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carburised specimen that has been crept, with extensive intergranular surface cracks 

present.  

 

Figure 5.15. Cross-sectional micrograph of a carburised specimen that fractured 

due to intergranular surface cracking [5.34].  

5.4 Concluding remarks 

For type 316 stainless steels at or near to 550 °C, diffusion creep is predominantly 

associated with low stresses (≤ 90 – 100 MPa). This compares to dislocation glide and 

climb being the dominant mechanism at higher stresses. Creep ductility and fracture are 

affected by the evolution of the microstructure. Shorter tests (with high applied stress 

and/or temperatures) are observed to present high creep ductility. This is compared to 

longer test durations which are characterised by their reduced ductility, because of the 

formation and coarsening of precipitates such as M23C6 carbides which develop local 

lattice strains within the surrounding matrix. The lattice distortions are preferential sites 

for creep cavity damage. Over time, the cavities will link together to form cracks which 

reduce the load-bearing area, increasing the effective stress.  

For type 316 steel exposed to AGR service environments, a higher incidence of 

cracking was observed, and thought to be induced by the presence of a hardened surface 

layer. When exposed to AGR primary gas coolant, the local surface microstructure of 

type 316H develops a duplex oxide structure and a near-surface carburised layer. 

Experimental creep studies conducted in different gaseous environments have shown a 
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variation in creep responses depending on the environmental composition. The testing 

of pre-carburised specimens, whilst containing variability, had improved creep 

resistance and reduction in creep ductility, which was attributed to the presence of a 

surface carburised layer. Consequently, the creep properties are dependent on the local 

carburised surface microstructure which is a function of testing/service environment 

and alloy composition. This highlights the importance of testing representative creep 

specimens to fully account for all deformation mechanism that may operate in service, 

in order to obtain reliable material properties for accurate remnant life assessments.  

The studies to date, albeit small in number, have investigated the effect of a near-

surface carburised layer beneath a duplex oxide layer induced from exposure to AGR 

primary gas coolant on the creep response of 316H steels. These studies investigated 

only one cast of 316H steel, which was exposed to AGR primary gas coolant at a single 

temperature of 600 °C and tested at applied stresses higher than 300 MPa. Therefore, 

the creep behaviour of carburised type 316H steel with different Mn content, and the 

potential role of the local near-surface carburised microstructure on the creep response 

of the material at lower (plant relevant) applied mechanical stresses, is still not fully 

understood. Chapter 8 reports the creep response and crack development in two ex-

service type 316H steels, which were pre-carburised for 8000 h at 550 °C and 3000 h at 

600 °C. These are the same carburising conditions as the oxidation and carburisation 

study discussed in Chapter 7. The local creep deformation phenomena observed within 

the near-surface microstructures that have undergone creep are then discussed in 

Chapter 9.  
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6 Experimental Methodology 

Handling, machining and mechanical testing of ex-service radioactive material, 

whether in-situ in plant or in a laboratory setting, is challenging and cost prohibitive 

when considering a large test programme. Carburisation can also take thousands of 

hours to develop to significant levels. Moreover, microstructural characterisation is 

much more complex and difficult when preparing and examining radioactive material. 

Therefore, a controlled non-radioactive laboratory process, named ‘pre-conditioning’, 

was employed to simulate the AGR reactor environment in a pressurised autoclave, and 

accelerate the surface microstructural changes that are observed in plant components. 

The exposed material can then be mechanically tested in air using conventional 

equipment and methods.  

This chapter describes the microstructural analysis conducted to characterise the 

two ex-service 316H austenitic stainless steels investigated in this project. In addition, 

a detailed overview of the experimental procedure to expose test pieces to simulated 

AGR primary gas coolant is provided. Furthermore,  the tensile and creep testing 

procedures employed to determine the mechanical properties of carburised material at 

550 °C is also described. Finally, the microstructural characterisation routes taken on 

the pre-conditioned and creep tested samples for the studies presented in Chapters 7 – 9 

are also reported.  

6.1 Materials 

The materials investigated in this project were two service-exposed type 316H 

austenitic stainless steel pipework supplied by EDF Energy. The pipes took the form of 
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a thick walled (63 mm wall thickness) forged cylinder, one of which is illustrated in 

Figure 6.1.The steels were exposed to service conditions for different durations before 

having been received for this project, possessed varying chemical compositions and 

austenite grain size.  

 

Figure 6.1. Overview of one of the forged type 316H pipes with the longitudinal 

direction annotated.  

6.1.1 Chemical composition 

The chemical composition of the two pipes were analysed using a combination of 

Leco analyses to identify trace levels of C, N, and S in addition to Inductive Coupled 

Plasma analyses (also known as ‘wet chemical analyses’) for all other elements present 

within the as-received steels. For those analyses, two samples, approximately 10 mm3 

in size, were extracted from two locations from each of the pipes. The extracted samples 

were then sent to AMG Analytical Laboratories, where they were analysed in their as-

received state. A summary of the chemical analysis for both steels is presented in Table 

6.1. This shows minor differences in each of the elemental concentrations between the 

two sampled locations for each of the steels, and is indicative of a homogenous chemical 
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composition. The certificate of compositional analysis, which includes additional minor 

elements not detailed in Table 6.1, is provided in Appendix A. 

Table 6.1. Chemical composition determined from wet chemical analysis (see text) 

in wt.% of the two ex-service 316H stainless steels materials under investigation.  

Material Cr Ni Mo Mn Si Cu Co C N Nb Ti Fe 
Low Mn-1 16.87 11.50 2.25 0.96 0.42 0.13 0.10 0.068 0.032 <0.02 <0.02 Bal. 
Low Mn-2 16.95 11.38 2.27 0.99 0.42 0.15 0.17 0.071 0.031 <0.02 <0.02 Bal. 
High Mn-1 16.44 11.22 2.28 1.52 0.49 0.10 0.09 0.061 0.08 0.06 0.02 Bal. 
High Mn-2 16.65 11.34 2.32 1.52 0.48 0.10 0.08 0.055 0.08 0.06 <0.02 Bal. 

The main difference observed in composition between the two steels was in the Mn 

content. Thus, hereafter the steel with the lower Mn content will be labelled as 

‘Low Mn’ (0.98 wt.% Mn) and the steel with the higher Mn content labelled as 

‘High Mn’ (1.52 wt.% Mn). The chemical compositions for the two steels that are 

detailed in Chapters 7 - 9 are the average concentration values for each element 

presented in Table 6.1.  

6.1.2 Austenitic grain size 

The grain size for the two steels was determined from Scanning Electron 

Microscopy (SEM) based on collected Electron Back Scattered Diffraction (EBSD) 

maps [6.1, 6.2]. A Tescan Mira3 SEM equipped with an Oxford Instrument EBSD and 

Energy Dispersive Spectroscopy (EDS) detectors was used to generate the EBSD maps. 

Further information about using SEM for microstructural characterisation in this project 

is provided in Section 6.4.7; however, for completeness, the SEM conditions used to 

perform the EBSD scans for the grain size measurements are presented here. An 

accelerating voltage of 15 keV was used with a probe current of 25 nA. The sample was 

positioned on the SEM sample stage, so that the working distance between the scanned 
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surface and pole piece was 25 mm. At these conditions, a 3 µm step size was used at a 

magnification of × 200 to produce a EBSD frame with the dimensions of 

1.04 × 0.78 mm. To generate a large area map, the EBSD scans consist of a total of 63 

frames, which were stitched together using the Oxford Instruments Aztec montage 

software, to generate a combined EBSD map with a scan area of 7 × 7 mm2. Each frame 

was set to have an overlap with the previous frame of 8% (see Section 6.4.7). Illustrative 

examples of a cropped region from the large area EBSD maps for both steels are 

presented in Figure 6.2. 

  

Figure 6.2. EBSD maps of both ‘Low Mn’ and ‘High Mn’ steels, with regions of 

relatively large grain sizes in comparison to the surrounding grains are circled in 

white.  

The grain size was determined from the large EBSD maps using the linear intercept 

method [6.1, 6.2]. Oxford Instruments HKL Channel 5 software package was used to 

perform this measurement, utilising the inbuilt linear intercept method tool [6.3]. This 

tool superimposed ten vertical and ten horizontal lines on the montaged large area 

EBSD map. The software recognises an intercepted grain boundary along the length of 

the superimposed line when the misorientation between two pixels was greater than 10°; 
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however, Σ3 twin boundaries were not counted as a grain boundary during the grain 

size analysis. The distances between each grain boundary interception for all 

superimposed lines are recorded by the software. From this data, the average austenitic 

grain size of ‘Low Mn’ and ‘High Mn’ was estimated to be 142 ± 110 µm and 

81 ± 67 µm respectively, with the experimental errors representing the standard 

deviation of the size distribution. The large spread of grain sizes observed in the two 

steels is illustrated in Figure 6.2, where large grain size areas relative to the surrounding 

average grain size are clearly observed. Previous investigations on the grain size 

distribution of a cross-sectioned creep specimen from the ‘High Mn’ steel have shown 

variations of grain size, which is illustrated in Figure 6.3 [6.4-6.6]. This shows clusters 

of different sized grains, and the presence of a number of large grains relative to the 

surrounding average grain size (see Figure 6.3a). A significantly large grain that 

measures 5.9 mm at its largest length is observed in Figure 6.3b. The two steels have 

been in-service at approximately 525 °C within the secondary cooling circuit, and 

therefore have not been exposed to the primary gas cooling circuit (not radioactive). 

However, they are directly applicable to many plant applications related to the primary 

cooling circuit. ‘Low Mn’ and ‘High Mn’ were removed from plant after ~ 9´104 h and 

1´105 h service exposure respectively. The extraction of test pieces from the two pipes 

is discussed in the next Section 6.2. 
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Figure 6.3. Cross-sectional optical images of a non-carburised creep specimen 

fabricated from ‘High Mn’ steel showing the spatial variation in grain size 

distribution [6.4-6.6].  
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6.2 Pre-conditioning in simulated AGR primary gas coolant 

6.2.1 Coupon and uniaxial creep specimen preparation 

To expose the material to AGR primary gas coolant, sections of the two thick-

walled pipes were cut off and test pieces extracted. The aims of exposing material to an 

AGR reactor environment can be separated into two: (i) to investigate the formation of 

oxide and development of carburised layers in type 316H steel. To conduct the 

oxidation and carburisation study, ø7 mm cylindrical bars were extracted from the pipe 

materials, which were then sectioned into smaller coupons of approximately 10 mm in 

length. The second study was (ii) to investigate the creep behaviour of carburised 

material exposed to an AGR reactor environment. Therefore, uniaxial creep specimens 

were extracted alongside the coupon bars. An extraction schematic from one of the two 

pipes is presented Figure 6.4.  

 

Figure 6.4. Schematic showing the test pieces removed from a section of one of the 

materials investigated. Fatigue specimens not included in this work.  

The test pieces were extracted so that the parallel gauge length was at least 10 mm 

away from the outside or inside diameter surfaces. This was to avoid the pronounced 

microstructural inhomogeneities expected in this region of the pipe caused during the 
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manufacturing process whilst the middle section of the pipes are expected to be 

representative the steels installed in plant. Nevertheless, creep specimens have been 

extracted from around a large section of pipe to provide creep behaviour from a large 

volume of material. Whilst the gain size showed some variation (Figure 6.2), the two 

locations from each pipe where wet chemical analysis was conducted returned similar 

chemical compositions to each other which is consistent of a homogenous 

microstructure (Table 6.1). As a significant number of specimens was extracted, each 

specimen and coupon bar were given a unique identification, which was inscribed on 

the ends of the test pieces. Both the coupon bars and creep specimens were extracted 

with the tensile and creep axis oriented along the longitudinal axis of the pipes, as 

annotated in Figure 6.1 and Figure 6.4.  

 

Figure 6.5. Specimen extracted from the steel pipes: (a) ø7 mm cylindrical bar cut 

into coupons (approximately 9.5 mm in length) and (b) uniaxial creep specimen 

design with a parallel gauge length of 40 mm and gauge length diameter of 7 mm.  
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The design of the coupon bars and creep specimens is presented in Figure 6.5. The 

dimensions of the creep specimens were in accordance with 

BS EN ISO 204:2009 [6.7], possessing a 40 mm parallel gauge length and a 7 mm 

gauge length diameter. In addition, knife edges were fabricated to facilitate the 

attachment of extensometry. The coupon bars and creep specimens were all machined 

in accordance to BS EN ISO 204:2009 [6.7], by removing material through machining 

cuts at progressively decreasing depths, so as to minimise any residual deformation or 

surface defects. An example of this cutting sequences is 0.4 mm, 0.25 mm, 0.15 mm, 

0.075 mm and then 0.05 mm. All coupon bars and creep specimens were manufactured 

by an approved Jacobs supplier, who was familiar with the requirements of 

BS EN ISO 204:2009 [6.7]. 

As discussed in Chapter 4, numerous factors influence the degree of carburisation 

in type 316H steel when exposed to AGR primary gas coolant. Therefore, understanding 

these factors is important in controlling the development of a carburised layer in a 

laboratory-scale environment. Initially, the underlying steels are protected from 

damaging oxidation and carburisation by the thin protective M2O3 chromia film. The 

stability of this film is enhanced by near-surface dislocation networks through which Cr 

can diffuse, the details of which are discussed in Chapter 7. Therefore, to suppress the 

initial protective M2O3 film and promote porous duplex magnetite/spinel oxidation and 

carburisation, the coupon bars and the parallel gauge lengths of the uniaxial creep 

specimens were polished to a 0.25 µm colloidal silica surface finish (OPS). A study 

conducted by Chen et al. [6.8] demonstrated that an OPS surface finish on a type 316H 

austenitic stainless steel provides a surface free of significant deformation and promotes 

oxidation. The preparation procedure, conducted during the manufactured of the coupon 

and creep specimens by the approved Jacobs supplier, ensured the work hardening, and 
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thus most dislocation networks, in the surface microstructure were removed. To do this, 

coupon bars and the gauge lengths of the creep specimens were placed in a slow turning 

lathe, and ground to 2500 grit finish. After this, the specimens were rinsed in water to 

remove all superficial debris. The coupon bars and specimens were then polished using 

progressively finer diamond suspension solution, until a final 0.25 µm OPS surface 

finish was achieved. The suspension media and polishing time per diamond suspension 

solution is detailed in Table 6.2. Once the coupon bars were polished, they were then 

sectioned into lengths of approximately 10 mm, as shown in Figure 6.5a. 

Table 6.2. Polishing stages and time for the polishing of uniaxial creep specimens 

gauge lengths and coupons to an 0.25 µm colloidal surface finish. 

 

6.2.2 Autoclave pre-conditioning 

Once the creep specimens and coupons were polished, they were placed inside 

pressurised autoclaves for pre-conditioning, as shown in Figure 6.6. The coupons and 

specimens were then exposed to simulated AGR primary gas coolant which contained 

500 vppm H2O, 100 vppm H2, 300 vppm CH4, and 1 vol.% CO, balanced with CO2. 

The gas was maintained at a constant temperature and pressure of 600 psi (4.14 MPa 

AGR reactor operating pressure). The specimens and coupons were placed in an 

arrangement within the autoclave that provided good gas flow around the polished 

surfaces, as observed in Figure 6.6b and c.  

Stage 
Diamond and OPS 

suspension polishing 
solution (µm) 

Polishing time per 
specimen/coupon (min) 

1 9 5 
2 6 5 
3 1 5 
4 0.25 (OPS) 10 
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Table 6.3. Autoclave pre-conditioning in AGR primary gas coolant at 600 psi 

(4.14 MPa) with interruption times given from when coupons were removed. 

Creep specimens were removed after 8000 h at 550 °C and 3000 h at 600 °C. 

Temperature (°C) Interruption (h) 
550 1000, 2000, 4000, 6000, 8000 
600 500, 1000, 2000, 3000 

Coupons and specimens were exposed to simulated AGR primary gas coolant at 

both 550 and 600 °C, so as to induce varying degrees of carburisation and to understand 

the influence of the pre-conditioning temperature. To track the formation of oxide and 

the development of the carburised layer for the study discussed in Chapter 7, coupons 

were removed progressively at the selected intervals detailed in Table 6.3. After pre-

conditioning for 8000 h at 550 °C or 3000 h at 600 °C, the creep specimens were 

removed from the autoclave and then creep tested. The creep testing of the pre-

conditioning specimens  is discussed in Section 6.3.2.  
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Figure 6.6. (a) Outside view of an autoclave, and also its inside view  showing the 

creep specimens and coupons positioned in the autoclave carrier (b) prior to and 

(c) after 3000 h exposure to AGR primary gas coolant at 600 psi (4.14 MPa). 

6.3 Mechanical testing  

Both the tensile and creep tests were carried out as part of this project. The tensile 

and creep testing techniques have been previously described in Sections 5.1.1 and 

5.1.2.4 respectively, however, this did not include critical information for the 

methodology. This section provides the operating procedures used for setting up, 

starting and running tensile and creep tests in the Jacobs High Temperature Materials 

Laboratory in Warrington (UK).  
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6.3.1 Tensile testing procedure 

All tensile tests reported in this thesis were carried out following the 

BS EN ISO 6892-2:2011 standard [6.9], using a servo-electric test frame to apply the 

load. A load cell calibrated to BS EN ISO 7500-2 [6.10] was attached to the machine to 

record the applied force, and an extensometer calibrated to 

BS EN 9513:2002 class 1 [6.10] mounted to the specimen parallel gauge length. To 

complete a load cell calibration, a precision load cell is inserted into the load train and 

a load applied. The load is incrementally increased, noting the load reading on the 

machine and precision load cells with an error between the machine and load cells 

calculated. Any adjustments to the machine load parameters (gauge factors) can then be 

applied. Similarly for the extensometry calibration, the extensometer is displaced a 

known distance (true displacement) and the extensometer reading on the machine 

(measured displacement) recorded. The extensometer is incrementally displaced, with 

the displacement recorded up to the extensometer limit, and an error between the true 

and measured displacements calculated.  

The tensile tests were conducted at 550 °C using calibrated Nicrosil/Nisil (N-Type) 

thermocouples [6.9] attached to the parallel gauge length to measure the specimen 

temperature. At the start of the tensile tests, the extensometer recorded and controlled 

the strain rate up until the specimen had strained 5%, after which the machine control 

switched to the machine cross-head until the end of the test [6.9]. A simplified 

procedure for setting up a tensile test is as follows: 

1. The tensile specimen gauge diameter is first measured, and shallow indents applied 

on the gauge length that can then be used to measure elongation post-test.  

2. Prior to being inserted into the rig, the specimen is cleaned with acetone to remove 

any grease or dirt on its surface. 
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3. Three N-type thermocouples tied to the top, middle and bottom of the specimen will 

measure the specimen temperature throughout the duration of the test using a local 

data logger.  

4. A side-loaded MTS extensometer is fixed to the specimen gauge length and a check 

on its functionality completed. This check involves applying a small load 

approximately 100 MPa) and the room-temperature Young’s modulus calculated. 

The test set-up is only approved to be heated up once the Young’s modulus is 

representative of the material being tested.  

5. The furnace of the mechanical rig is then closed, high temperature insulation (Saffil) 

applied to the top and bottom of the furnace, and specimen heated up to 550 ± 3 °C.  

6. Once the specimen temperature is stable, the set-up is left to thermally soak for 

approximately 30 minutes to ensure the specimen cross-section through-thickness 

temperature is homogenous.  

7. The tensile test is performed at a particular strain rate, which for this work was 

0.004%/s as specified in the tensile standard [6.9]. The side-loaded MTS 

extensometer controls the strain rate for the first 5% strain. At 5% strain, the 

machine control switches to the crosshead automatically, with the extension now 

measured using the transducers outside the furnace. 

8. When the specimen fractures, the furnace heaters are switched off and the specimen 

left to cool down to room temperature.  

9. Once at room temperature, the specimen is removed from the rig, and the total 

elongation measured between the indents on the gauge length prior to testing.  
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6.3.2 Creep testing procedure 

The mechanical creep strength of a material is evaluated by conducting high-

temperature creep tests under a constant load or stress. The creep testing reported in this 

thesis was carried out in accordance with BS EN ISO 204:2009 [6.7] which stipulates 

the preferred creep test method to utilise a round bar specimen geometry with a constant 

uniaxial tensile load applied. The creep tests were performed on deadweight creep 

frames within a UKAS accredited laboratory for creep testing. A schematic for a 

deadweight creep frame is presented in Figure 6.7, showing a creep specimen fixed 

between two straining bars (sometimes referred to as pull-rods) with the load applied 

through deadweight creep weights positioned at the end of an underslung lever arm. 

The specimen strain was recorded by the use of an extensometer attached to knife edges 

which protrude from the specimen, and the positioning of two linear variable differential 

transformers (LVDTs) outside the furnace, as illustrated in Figure 6.7. The creep 

extensometry calibration procedure is the same as that described for the tensile 

extensometer in Section 6.3.1  

 

Figure 6.7. Schematic showing a representative creep test set up on a deadweight 

lever arm creep frame. The specimen is fixed in between two straining bars with 
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an extensometer attached to knife edges that exits the furnace at the bottom. 

Attached to the extensometer are two LVDTs that record the creep specimen 

strain. The specimen and top part of the extensometer is then enclosed within a 

furnace with three thermocouples tied to the specimen gauge length to monitor the 

specimen temperature.  

The mechanical creep test rigs used in this project were calibrated to 

BS EN ISO 7500-2 [6.10] and the extensometers calibrated to 

BS EN 9513:2002 class 1 [6.11]. The specimen and the top part of the extensometer 

was enclosed within a furnace, to conduct elevated temperature creep tests in air. Three 

calibrated thermocouples were attached to the specimen gauge length to monitor the 

specimen temperature throughout the duration of the test, to ensure the temperature is 

within allowable limits (± 3 °C) [6.7]. Throughout the duration of the creep test, the 

strain was recorded to generate a strain vs. time relationship. 
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Figure 6.8. Creep test set up showing (a) a bank of numerous mechanical creep 

frames with the relevant equipment annotated (b) outside and (c) inside the creep 

furnace.  

An example of the creep setup used for this project is presented in Figure 6.8, 

showing a bank of creep frames side by side. The key components of the creep test are 

annotated both outside and inside the furnace in Figure 6.8b and c respectively. The 

creep tests discussed in this thesis can be separated into two categories. The first are 

those taken to failure whilst the second, which make up the largest part of this work, are 
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interrupted creep tests which involve the removal of the applied load once the specimen 

has reached a given creep strain. 

The procedure for setting up a creep test is as follows: 

1. All mechanical creep frames used in this project were calibrated to 

BS EN ISO 7500-2 [6.10]. An example of a frame calibration certificate is 

presented in Appendix B. 

2. Creep strain of the specimen is measured from a calibrated high temperature drop-

leg creep extensometer and two transducers positioned in holders within the 

extensometer frame (see Figure 6.8b and c). For this work, the calibration of the 

extensometer and transducers was conducted in accordance with 

BS EN 9513:2002 [6.11]. The calibration process involved moving the 

extensometer apart by a known distance using a calibrated displacement rig whilst 

recording the extension. The errors between the actual and recorded displacement 

are then calculated, with the extensometer only being approved for testing if the 

calibration passes to class 1.0. An example extensometer calibration certificate is 

presented in Appendix B. 

3. Once the creep frame and extensometer were calibrated, metrology of the creep 

specimen was carried out using a calibrated shadowgraph to measure the parallel 

gauge lengths with the average of three used to determine the strain. In addition, the 

specimen gauge diameter was measured using a calibrated micrometre with the 

smallest of three values taken to calculate the applied load.  

4. Prior to being installed into the creep frame, the specimen was cleaned with acetone 

to remove grease and debris. After cleaning, the specimen was carefully inserted 

between the upper and lower straining bars to ensure it was not twisted or damaged 

in the process.  
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5. All creep tests in this project were conducted at 550 ± 3 °C. The temperature of the 

specimen was measured by three calibrated Nicrosil/Nisil (N-type) thermocouples 

tied to the top, middle and bottom sections of the specimen gauge length using 

stainless steel wire. Their readings were recorded throughout the duration of the 

heating up, and also whilst on test during creep. The thermocouple channels that run 

between the creep frame and data logger which carries the temperature signals were 

also calibrated to account for any voltage losses. Example thermocouple and 

thermocouple channel calibration certificates are presented in Appendix B.  

6. Once the thermocouples were tied on, the creep extensometer was then attached to 

the specimen knife edges and two transducers positioned within the extensometer 

frame.  

7. The functionality of the extensometer was checked at room temperature by 

performing a cold load. This involved applying a small load 

(approximately 100 MPa) to the specimen in incremental steps, recording the 

measured extension from the two transducers and load each time. The set-up was 

only approved for creep testing once the two transducers were moving parallel 

relative to each other and the calculated room-temperature Young’s modulus was 

representative of the material being tested.  

8. When the creep test was ready to be heated up, the three-zone tubular furnace was 

lowered over the set-up, with the top and bottom holes lagged with insulation. A 

small pre-load, less than 10% of the total test load, was applied to keep the loading 

train alignment taught. The data logger was then set to record, and the furnace 

switched on. 

9. For those specimens that had undergone pre-conditioning, the duplex oxide layer 

was not considered to be load bearing [6.12]. Therefore, to apply the correct stress, 
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the cross-sectional area used to calculate the applied load did not include the surface 

oxide layer as is illustrated in Figure 6.9. Note the oxide layer thickness was 

determined through optical microscopy, which is discussed in Section 6.4. 

 

Figure 6.9. Schematic showing the effect on the gauge length diameter when 

discounting the non-load bearing oxide layer on the surface of the specimen.  

10. Once the specimen was at the test temperature of 550 °C and was stable, the set-up 

was left for approximately 1 h to ensure the specimen through-thickness 

temperature is homogenous.  

11. After thermal soaking, the creep deadweights were carefully applied, to prevent 

undesirable oscillations in the set-up, at a rate of approximately every 15 seconds. 

At each additional weight, the specimen extension was recorded to generate a strain 

on load at the temperature of 550 °C.  

12. Once all the weights were loaded, the test was deemed to have started and the data 

logger was set to record the strain, time elapsed and temperature at suitable intervals. 

The logging rate was set to record the data at least every 5 minutes for the first 24 h 

on test. Following this, the logging rate was set to record every 1 hour.   

13. If the specimen was interrupted, prior to specimen separation from the creep test 

rig, then 20% of the applied load was removed, furnace switched off and the creep 

test set-up left to cool to room temperature. Once the specimen was at room 
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temperature, the remaining 80% of the applied load was then removed. If the 

specimen had been taken to failure, then the furnace was simply switched off.  

Details of all the creep testing parameters and results are presented in Chapter 8. 

For those specimens which were interrupted at a particular creep strain, the middle 

gauge length sections were removed, and the microstructure analysed. A novel 

procedure using wire EDM to remove the gauge length and the characterisation 

techniques employed  are described in the Section 6.4.  

6.4 Post testing microstructural characterisation 

As part of this project, the steel microstructure was characterised in various 

conditions, namely: 

• baseline as-received (non-carburised prior to pre-conditioning, and/or 

tensile/creep deformation); 

• coupons pre-conditioned at either 550 °C or 600 °C for numerous durations as 

detailed in Section 6.2.2; 

• and tensile and creep deformed pre-conditioned specimens. 

The primary focus of this project was to characterise the microstructural evolution 

during pre-conditioning, and thereafter examine the microstructural changes that occurs 

during tensile and creep deformation on those pre-conditioned specimens. To conduct 

such examinations, the samples had to be prepared via mechanical grinding and 

polishing to facilitate the characterisation work. This section provides an overview of 

the sample preparation processes, as well as the characterisation techniques employed 

to analyse the pre-conditioned coupon and creep specimen microstructures.  
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6.4.1 Stereographic images 

To record the surface changes observed during pre-conditioning and creep testing, 

stereographic images were taken of all coupons and creep specimens using an Olympus 

SZX9 microscope. Illustrative images of these are presented in Figure 6.10: 

 

Figure 6.10. Illustrative stereographic images prior to and after pre-conditioning 

of (a) coupons and (b) creep specimens.  

6.4.2 Cutting and sectioning 

For the as-received non-carburised materials (baseline), samples were cut to a 

10 ´ 10 ´ 10 mm3 size using a circular saw Struers Accutom-5. For the analysis of pre-

conditioned coupons and tested creep specimens, wire Electrical Discharge Machining 

(EDM) was used to section longitudinally and remove the middle parallel gauge length 

section, as shown in Figure 6.11.  
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Figure 6.11. Metallographic sectioning schematics for (a) pre-conditioned coupons 

and (b) tested creep specimens.  

6.4.3 Mechanical grinding and polishing 

Sectioned samples, whether baseline as-received, pre-conditioned coupons or 

tested creep specimens, were mounted in Bakelite and then mechanically ground using 

an automatic grinding machine. Mounted samples were progressively ground with 

silicon carbide paper on different grit sizes (600, 800, 1200 and 2500 grit). After 

mechanically grinding, the mounted samples were mechanically polished using with a 

series of diamond suspension fluids for approximately 3 minutes at each step (9 µm, 

3 µm and 1 µm). The final polishing step used 0.25 µm colloidal silica suspension fluid 

for 5 minutes. Illustrative mounted samples are presented in Figure 6.12. 
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Figure 6.12. Coupon and creep specimen mounted, ground and polished to 

0.25 µm colloidal surface finish.  

6.4.4 Optical microscopy 

Optical microscopy was primarily used to track the development of the oxide and 

carburised layers from the cross-sectioned, pre-conditioned coupons. To do this, 

polished coupons were first examined using an Olympus BX51M optical microscope 

with stream essentials 2.3.2 software with a horizontal field view of 800 µm. The oxide 

coverage, defined as the fraction of the measured length of oxides relative to the total 

examined length, was determined from taking 10 measurements on both sides of the 

cross-sectioned coupon (see Figure 6.12) and averaging them. The average oxide 

thickness was also measured at the same 20-off locations at the centre of each of the 

images.  

Furthermore, optical images were obtained of etched cross-sectional images from 

coupons and creep specimens to track the development of the microstructure. The grain 

boundaries in the baseline microstructure were revealed optically using 10 vol.% oxalic 

acid etching solution in water. The mounted samples were submerged in the solution 

for approximately 20 s whilst a 4.5 V voltage was applied. For pre-conditioned 
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coupons, the extent of carburisation was observed optically after etching with 10 vol.% 

Marbles Reagent (4 g of copper sulphate in 20 mL of hydrochloric acid and 20 mL of 

water) for approximately 20 s. The effect of exposing the mounted samples to two 

different etchants is illustrated in Figure 6.13.  

 

Figure 6.13. Example of as-polished and etched microstructures using optical 

microscopy, revealing (a) grain boundaries for the as-received microstructure and 

(b) extent of carburisation inter- and intragranularly after carburising for 2000 h 

at 600 °C.  

6.4.5 Nano hardness 

The nano-hardness measurements were used to measure the surface hardness on 

the (un-etched) cross-sectioned, pre-conditioned coupons as a function of position from 

the oxide through into the bulk. This allowed to record the effect and extent of 

carburisation as a function of pre-conditioning time. The nano hardness measurements 
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were taken using a NanoIndenter-XP (MTS System Crop.) possessing a triangular-

pyramid shaped Berkowitz-type diamond tipped indenter [6.13, 6.14]. Prior to and after 

the nano hardness measurements of the coupons, the indenter was calibrated using a 

silica standard and compared to the known hardness value of the silica standard. To do 

this, a nano hardness array of three lines, 20 µm apart and with an indent spacing of 

12 µm, was conducted from the oxide into the bulk, as is illustrated in Figure 6.14.  

 

Figure 6.14. (a) and (b) Cross-sectional optical images showing the three-line array 

of nano indentations with the (c) hardness measurements plotted against depth. 
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The data shows enhanced hardness in the oxide and carburised as layers compared 

to the bulk microstructure. 

For each indent, a small load is applied, resulting in the indenter plastically 

deforming the material underneath until a fixed depth is reached, which for this project 

was 500 nm. The nano-hardness value is determined with the relationship between the 

depth and the force [6.13, 6.14]. To ensure proper operation of the nano-hardness 

indenter, prior to and after the nano hardness arrays, the indenter was calibrated using 

a silica standard and compared to the known hardness value of the silica standard. The 

hardness values at each row (depth) from the oxide surface were averaged to produce a 

mean hardness estimate and the standard deviation from the same row. The error bars 

presented in the nano hardness graphical plots are the standard deviation. A model was 

then fitted to the hardness estimates, and the model used to determine the carburisation 

depth as a function of pre-conditioning time as illustrated in Figure 6.14. The nano 

hardness results, including models used, are presented in Chapter 7. 

6.4.6 X-ray diffraction 

The austenite lattice parameter at four consecutive positions from the oxide-metal 

interface into the bulk was determined using X-ray diffraction (XRD), in order to assess 

the degree of atomic C in solid solution. X-ray diffraction collects coherently scattered 

x-ray beams being reflected from the sample surface, producing a diffraction pattern 

that contains information about the sample’s crystal structure. X-ray diffraction peaks 

can be used to determine the lattice parameter, using Bragg’s law. More information on 

X-ray diffraction can be found in reference [6.15].  

For this project, a Rigaku Smartlab 3kW diffractometer was used to perform a 

q	- 2q scan over the {200} austenite reflection using a 50 ´ 600 µm2 line beam at four 
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(non-overlapping) positions, as illustrated in Figure 6.15. This set up consisted of 

filtering the X-ray beam to a single wavelength using a monochromator and collimated 

(50 µm) to produce line beam. The X-ray source used was Cu Ka1 possessing a 

wavelength of l = 1.5406 Å. Each of the four positions were scanned at 0.01° steps 

between the 2q position of 40° and 52° with each point scanning for 40 h to achieve an 

adequate signal-to-noise ratio. These results are discussed in Chapter 7.  

 

Figure 6.15. Optical cross-sectional micrographs of pre-conditioned coupons, 

showing the XRD scanning positions. 

6.4.7 Scanning Electron Microscopy 

Scanning Electron Microscopy (SEM) normally operates in high vacuum, and uses 

a rastering focused electron beam interacting on the sample under study. Numerous 

signals are generated from the electron-sample interaction, which contain information 

on the sample characteristics, as well as allow images of the sample to be produced at a 

scale of µm and nm. More information regarding the equipment and basics of the SEM 

can be found in reference [6.16].  
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In this work, SEM was primarily used to characterise the microstructural evolution 

induced by pre-conditioning and creep, which could not be resolved by optical 

microscopy. In addition, SEM was used for phase, chemical and crystallographic 

orientation determination using EBSD and EDS. Particular focus was given towards the 

oxide and carburised layers of the coupons and creep specimens. The various SEMs 

operated in this project, and the parameters used for the specific applications, are 

presented in Table 6.4. Apart from high-resolution backscattered electron images, the 

various SEMs were operated using similar parameters all with an accelerating voltage 

of 15 kV. All SEMs were equipped with Oxford Instruments EBSD and EDS detectors, 

with the results generated from EBSD and EDS scans were analysed using the Oxford 

Instruments Aztec software, or Chanel 5 software in the case for the as-received 

baseline EBSD scans [6.3].  

Table 6.4. Summary of the SEMs used in this project and the experimental 

parameters used during the analysis.   

Application/Parameter FEI Quanta 
200 

Tescan 
Mira3 FEI Magellan HR 

Application SE/BSE 
imaging 

Large area 
EBSD maps 

High 
resolution 

EBSD maps 

SE/BSE 
imaging 

Accelerating voltage 
(kV) 15 15 15 5.0 

Stage bias (kV) 0 0 0 4.5 
Aperture/Probe current 

(nA) 4 (aperture) 25 1.6 0.4 

Working distance (mm) 10 25 12 4 

EBSD step size n/a 1 0.1 n/a 

Magnification ´ 400 ´ 1,000 ´ 1,000 ´65,000 

Cracks were observed within the carburised layer of creep specimens that had 

undergone forward creep. Those cracks were characterised using the Quanta 200 SEM. 

This included determining the mean crack depth, by averaging all measured crack 
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lengths across two representative sections of the gauge length. In addition, the whole 

specimen gauge length was examined to identify and record the maximum crack depth. 

The results of this work are detailed in Section 8.3.  

Table 6.5. Summary of the SEM EDS Aztec software parameters used in this 

project. All scans were performed at a 70° tilt angle from the horizontal. 

Parameter Aztec V.4 
Tescan Mira3 

Aztec V.3 
FEI Magellan HR 

Energy Range (kV) 0-20 0-20 

Number of channels 1024 2048 

Process time 2 2-4 

Frame averaging n/a 1 

Gain n/a 10 

Table 6.6. Summary of the SEM EBSD Aztec software parameters used in this 

project. All scans were performed at a 70° tilt angle from the horizontal. 

Parameter Aztec V.4.3/V.5 
Tescan Mira3 

Aztec V.3.3 
FEI Magellan HR 

Binning mode n/a 8 ´ 8 

Speed mode 2 n/a 
Exposure time/pixel dwell 

(µs) 6-15 20-45 

Frame averaging n/a 1 

Gain n/a 10 

Step size (µm) 1 0.1 

Indexing mode Refined accuracy Refined accuracy 

Hough resolution 85 85 

Number of bands 12 12 

SEM EDS and EBSD scans (both large-area and high resolution) were employed 

to obtain the elemental composition distribution, phase and grain orientation 
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determination, and to reveal the microstructure evolution using the parameters detailed 

in Table 6.5 and Table 6.6 respectively. Fe(FCC), Fe(BCC), M23C6 and Fe3O4 phases 

were indexed using crystallographic files (.cry) loaded from the Oxford Instruments 

Nano Analysis (OINA) steels database [6.3]. Oxide phases other than Fe3O4 may be 

present within the duplex oxide layers, however only Fe3O4 was indexed during the 

EBSD scans.  

 

Figure 6.16. Schematic showing the location and size of large area EBSD maps at 

the creep specimen edge. 

Large-area EBSD maps were produced on the baseline as-received material 

(Section 6.1.2) and on all tested creep specimens using the Tescan SEM. For the tested 

creep specimens, the large-area EBSD scans focused on the specimen surfaces, 

consisting of a montage of frames that each had a field view of 206 × 156 µm2 using 

the parameters collated in Table 6.6. The large-area maps consisted of at least 37 frames 

covering between 7 and 15 mm across the specimen edge as is shown in Figure 6.16. 

Large area maps were also conducted in several of the non-carburised bulk of creep 

specimens that had undergone creep. 
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High-resolution EBSD maps were collected using the Magellan SEM scanning 

only one frame at a time and using the parameters from Table 6.6.  

The SEM EDS and EBSD examinations helped understand the effect of alloy 

composition on oxidation, which is further explained in Chapter 7. The large area and 

high resolution EBSD scans revealed microstructural alterations within the carburised 

layer, including an austenite-to-ferrite phase transformation and extensive new grain 

formation. The mean ferrite depth was taken as the average of the ferrite depth measured 

at the centre of each frame from the large area EBSD map. The grain boundary and 

kernel average misorientation (KAM) were also obtained from the same large area 

maps. This is discussed in further detail in Chapter 9. 

6.4.8 Transmission Electron Microscopy 

Site specific transmission electron microscopy (TEM) lamella samples were 

prepared by FIB milling technique, to observe the microstructure evolution of the 

carburised layer between the coupons and creep specimens after deformation. TEMs, 

similar to SEMs, use a focused beam of electrons to interact with the sample. However 

in a TEM, the electrons are transmitted through an electron transparent region 

(approximately 100 nm thick) of the sample and collected on a fluorescent screen or a 

camera [6.17]. The TEM is also able to be set up to collect Selective Area Diffraction 

(SAD) patterns. SAD patterns contain important information on the sample crystal 

structure (phase), and are generated from coherently scattered electrons which adhere 

to Bragg’s law. SAD patterns were obtained in this project to identify the carbides 

formed during the pre-conditioning process, and the main phase of the 316H steel 

microstructure. Further information on TEM can be found in [6.17]. 
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For this project, the preparation of the TEM Lamella samples was conducted on a 

ThermoFisher FEI Helios 660 focused ion beam (FIB) microscope [6.18]. A FIB set up 

is essentially an SEM that possesses the capability to image with a focused beam of 

electrons, but also has a focused beam or ions to interact with the sample. The ion beam 

source used in this project was Ga+ ions. The process of FIBing can potentially damage 

the steel sample, and also lead to the implantation of Ga+ ions within the sample. 

Therefore, to protect the steel which is being prepared into the TEM foil, a thin layer of 

platinum 2 µm thick is firstly deposited on the sample. The material on either side of 

the platinum layer is then milled away by sputtering, and the platinum covered region 

lifted out using a thin needle probe, and welded, using platinum, to a TEM grid. Once 

on the grid, the sample is milled further at ever decreasing energies to produce an 

approximately 100 nm-thick TEM foil. For this project, FIBing was conducted at 30 kV 

and then at decreasing currents of 2 nA, 0.79 nA, 0.43 nA, 0.21 nA, 80 pA, followed by 

a cleaning step at 2 kV and 27 pA. 

The approximately 100 nm thick FIB lamella samples were then examined using a 

ThermoFisher FEI G2 20 TEM T20 equipped with a Gatan CCD camera and a LaB6 

electron source operating at an acceleration voltage of 200 kV. The images presented 

in thesis consist of bright field images in addition to SAD patterns.   
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Preface 

This chapter focuses on the pre-conditioning of two pipe steel grades in simulated 

AGR primary gas coolant at 550 and 600 °C. All co-authors contributed to the 

conceptualisation of the work reported in this chapter. Jack Eaton-Mckay organised the 

manufacture of the steel coupons, including visiting the external supplier to explain the 

polishing procedure which he prepared. Jack Eaton-Mckay carried out the pre-

conditioning, which consisting of cleaning and loading/unloading the polished samples 

in the autoclave at the various interruption times at Jacobs Warrington (UK) 

laboratories. Jack Eaton-Mckay also performed the microstructural characterisation of 

the coupons at the University of Manchester, with assistance from Xiangli Zhong to 

prepare site specific TEM samples using FIB. Data collection and analysis of the 

experimental data was carried out by Jack Eaton-Mckay, in discussion with Enrique 

Jimenez-Melero and Kun Yan. The manuscript, which this chapter is based on, was 

prepared by Jack Eaton-Mckay, in discussion with Enrique Jimenez-Melero, Kun Yan 

and Mark Callaghan, and has been published in the Journal of Nuclear Materials: 

DOI: https://doi.org/10.1016/j.jnucmat.2021.152999 
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Abstract 

The time-dependent oxidation and carburisation behaviour of two type 316H 

austenitic stainless steels with varying Mn content and differing average austenite grain 

size of 142 µm in ‘Low Mn’ (0.98 wt.% Mn) and 81 µm in ‘High Mn’ (1.52 wt.% Mn), 

were assessed at 550 °C and 600 °C in the presence of simulated reactor primary gas 

coolant containing 500 vppm H2O, 100 vppm H2, 300 vppm CH4 and 1 vol.% CO, 

balanced with CO2. Rupture and spallation of the initial protective chromia layer occurs 

in the ‘High Mn’ steel after 2000 h at 550 °C, and leads to the formation of a 

magnetite/spinel oxide layer that reaches 75% surface coverage only after 8000 h. In 

contrast, the magnetite/spinel oxide duplex layer developing on ‘Low Mn’ steel reaches 

~ 85% coverage after only 1000 h at the same temperature. The development of an inner 

carburised layer occurs gradually in both steels at the appearance of the duplex oxide 

layer. The differences in steel behaviour are reduced at 600 °C, where both oxidation 

and carburisation are significantly accelerated. Only 0.02 wt.% C remains in solid 

solution in the austenite lattice in the carburised layer; the excess C atoms precipitating 

out in the form of Cr-rich M23C6 carbide precipitates, present both inter- and 

intragranularly. The experimental values of the activation energy for carburisation show 

that the diffusion of substitutional solutes is the rate-limiting mechanism of the process. 

Observed carburisation depths of ³ 200 µm in ex-service austenitic stainless steels can 
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be achieved by pre-conditioning 316H steel in simulated reactor gas coolant for 

³ 6000 h at 600 °C.  

7.1 Introduction 

Austenitic stainless steel type 316H is commonly used in boiler pipework in 

conventional and nuclear power plants, including the UK’s Advanced Gas-cooled 

Reactors (AGRs), due to its good water corrosion resistance and high-temperature creep 

strength [7.1]. AGR steel boiler tubes are exposed to high purity water/steam in their 

inside surface at pressures of 2465 psi (17 MPa), whereas the outside surface is exposed 

to CO2 gas coolant coming from the reactor core and containing minor additions of CO, 

CH4, H2O and H2. Austenitic stainless steels used in the manufacture of AGR 

components are susceptible to environmental degradation, such as oxidation and 

carburisation, from the primary coolant gas at pressures of 

450 – 600 psi (3.10 – 4.14 MPa) and temperatures in the range of 300 – 650 °C [7.2]. 

Carburisation has been identified in service-exposed 316H stainless steel [7.3, 7.4]. In 

addition to the environmental effects, when AGR stainless steel pipework is exposed to 

the harsh reactor service conditions at temperatures above approximately 470 °C for 

extended durations (up to 40 years’ service), there is the combined implication of the 

pipework having susceptibility to both thermal creep and creep-fatigue interactions and 

associated degradation mechanisms.  

A number of studies [7.3-7.5] have examined the effects on creep properties when 

a carburised layer has been introduced in 316H steel, by exposing the material to a 

simulated AGR primary gas coolant environment at 600 °C for approximately 3000 h. 

At 550 °C and high stresses greater than 300 MPa, the carburised material was observed 

to possess reduced creep ductility with higher minimum creep rates and reduced rupture 
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times when compared to non-carburised material [7.4, 7.5]. The differing creep 

behaviour between the two conditions was caused by surface cracking that is observed 

throughout the carburised layer [7.5] and a consequential reduction of cross-sectional 

area and increase in stress. The surface cracks initiate due to grain boundary 

embrittlement that has resulted from a significant local volume of carbide 

precipitation [7.5]. The implications of the carburised 316H steel layer formed under 

AGR service conditions are still not fully taken into account in current structural 

integrity assessment procedures [7.4, 7.6].  

Carburisation is a diffusion-mediated process in which progressive ingress of C-

bearing species into the metal matrix occurs [7.7]. At high service temperatures, such 

as 550 °C, there are numerous gas chemistry reactions that could generate atomic 

carbon, however, the Boudouard reaction is stated to be the primary source [7.8]: 

 2CO ↔ C + 𝐶𝑂/ (7.1) 

Austenitic stainless steels at elevated service temperatures are protected from 

further oxidation or carburisation by a thin chromia (Cr2O3) film, which readily forms 

on surfaces such as those which have been machined and not had prior exposure to high 

temperature environments. The formation of the chromia film is controlled by the 

availability of Cr at the surface. A finer grain size, with its large number of grain 

boundaries, enhances outward Cr diffusion giving greater oxidation resistance [7.9]. 

The Cr concentration at the surface is reduced when repeated cycles of spallation and 

re-formation, caused by local stresses, thermal cycling, creep or fatigue of the chromia 

layer occur [7.8, 7.10]. The C solubility in Cr2O3 is negligible and the molecular 

diffusion of C-bearing species, such as CO or CO2, is expected to take place 

preferentially along open volume defects, such as cracks or pores in the Cr2O3 surface 
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layer [7.11], and especially along grain boundaries, when the gas environment is in 

direct contact with the steel substrate after Cr2O3 spallation [7.8]. For more information 

on the solubility of C in Cr2O3 please see [7.11]. The Cr-rich carbide formation within 

the steel matrix follow the reactions [7.12]: 

 23Cr = 6C ↔ 𝐶𝑟/.𝐶9 (7.2) 

 𝐶𝑟/.𝐶9 + 27C ↔ 23𝐶𝑟:𝐶. (7.3) 

with a free energy of formation of ∆𝐺K! = -320 kJ/mol (Cr23C6) and -132 kJ/mol (Cr7C3) 

respectively, in 316 stainless steels at 700 °C [7.13]. Typically, in heat-resistant 

austenitic alloys, where carburisation is reported to be controlled by the inward 

C diffusion, an inner zone with M23C6 and an outer zone with M7C3 precipitates are 

formed at high temperatures up to 1000 °C [7.14]. Cr is the main metal component in 

those carbides, but with increasing C activity, relatively small amounts of Fe and Ni 

will also be incorporated in those precipitates [7.15]. Carbide precipitation is a well-

investigated degradation mechanism in 316 stainless steels resulting in reduced material 

strength and creep ductility [7.16]. Carbide precipitation is postulated to be the cause of 

embrittlement in the carburised layer in 316H steel in AGRs [7.3, 7.5].  

A number of studies describing the oxidation and carburisation of austenitic 

stainless steels in a variety of high temperature CO2-containing environments, have 

been conducted for various durations and pressures, including atmospheric 

pressure (0.1 MPa) [7.8, 7.12, 7.14, 7.17-7.22], in AGR service conditions 

(4.14 MPa) [7.2], at high pressures (8 MPa) [7.18] and in supercritical CO2 at 

20 – 30 MPa [7.17, 7.20, 7.23]. CO2-rich environments, including the AGR service 

environment, are known to induce the appearance of external oxide scales. For 

martensitic 9Cr steels exposed to Ar-50%CO2 at 550 °C and at atmospheric pressure 
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for up to 150 hours, the oxide scales consisted of hematite (Fe2O3), magnetite (Fe3O4) 

and spinel ((Fe,Cr)3O4) [7.12]. However, no hematite oxide was observed to form on 

9Cr1Mo steels when exposed to AGR service conditions at 550 °C, whereas an outer 

magnetite and inner spinel oxide layers was observed [7.2]. In addition, the 

development of a carburised layer characterised by the growth of mainly M23C6 

precipitates was identified [7.2]. Typically in austenitic steels, a duplex oxide scale 

forms when exposed to CO2-rich environments at pressures inclusive of 0.1-

4.14 MPa [7.3, 7.4, 7.21, 7.22]. This process includes the generation of an outward 

growing porous iron-rich magnetite (Fe3O4) layer [7.3, 7.4]. At the same time, an 

inward growing less porous inner spinel (MCr2O4) layer, where M = Ni, Cr, also 

develops [7.3, 7.4]. Any increase in pressure and temperature influences the types of 

oxide scales that form, with hematite observed at 20 MPa and 400-650 °C as an 

outermost oxide layer [7.17, 7.23]. Besides that, an increase in pressure is reported to 

accelerate the oxidation and carburisation kinetics on 310N stainless steel in a H2O/CO2 

environment at 550-750 °C up to a pressure of 8 MPa [7.18]. Bulk C content was 

observed to more than double in 304H stainless steel after exposure to supercritical-

CO2 (30 MPa) at 750 °C for 1000 hours [7.20]. A larger volume of carbides was also 

identified in 316 stainless steel after 1000 h exposure at 650 °C to supercritical CO2 

(20 MPa), as compared to atmospheric pressure CO2 (0.1 MPa) [7.17]. Recent high 

temperatures studies conducted at atmospheric pressure (0.1 MPa) on Fe-Cr binary 

alloys exposed to Ar-20%CO2 [7.19] and 316L stainless steel exposed to 

1%CO/99%CO2 [7.21], show that the oxygen partial pressure is influenced by additions 

of H2O to the gas mixtures, which impact the degree of duplex oxide formed. The local 

surface microstructure of the steel is also shown to affect the resulting oxidation 

kinetics, e.g Chen et al. [7.21] reported a reduced oxidation rate on materials with 
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worked surfaces. This observation was postulated to be caused by the presence of 

dislocation networks, providing more pathways through which Cr is able to diffuse, 

enabling the re-formation of the protective chromia layer to occur for longer 

durations [7.21]. Mechanical testing of a single cast of 316H steel that was pre-

conditioned in simulated AGR primary gas coolant at 600 psi (4.14 MPa) and 600 °C 

for up to 3000 h has also been reported [7.3-7.5, 7.24], showing the formation of duplex 

oxides and beneath this a carburised layer. However, whilst these studies are relevant, 

they do not provide the detailed evaluation or a mechanistic understanding of 

carburisation in 316H steel under simultaneous development of the duplex oxide layer 

of AGR specific type 316 steels in AGR primary gas coolant mixture and service 

conditions. Furthermore, the effect of different steel chemistries and microstructures on 

the carburisation kinetics has not been reported. 

This thesis focuses on the simultaneous oxidation and carburisation kinetics in two 

ex-service type 316H stainless steels at both 550 and 600 °C in simulated AGR 

environmental conditions. In situ carburisation of components within AGRs requires 

exposure times of tens of thousands of hours and can generate radioactive material. The 

complexities of handling radioactive samples for characterisation and the relatively long 

carburisation time in plant, have led to the development of a simulated carburisation 

process at the laboratory scale, namely ‘pre-conditioning’, using a pressurised autoclave 

containing simulated AGR primary gas coolant [7.24]. In this work, two casts of 316H 

steel were pre-conditioned to study any cast-to-cast variability in oxidation or 

carburisation at two temperatures of 550 °C and 600 °C and a pressure of 

600 psi (4.14 MPa). This has been conducted at considerably longer pre-conditioning 

times of up to 8000 h, enabling an understanding of the materials’ longer-term 

behaviour. This was undertaken by removing small coupons from the autoclave at 
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selected times, in order to track the near-surface microstructure evolution using optical 

and electron microscopy, and supported by nano-hardness measurements across the 

specimen cross section. The coupon evaluation of the structural and chemical evolution, 

together with the associated mechanistic understanding of oxidation and carburisation 

in this material under the simulated AGR service environment, are a key factor in 

understanding the creep crack initiation and propagation, and the impact of in-plant 

material variability on creep behaviour. 
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7.2 Experimental 

7.2.1 Pre-conditioning 

Two 316H steels with different chemical compositions (see Table 7.1) and service 

histories were studied. For more information on the procedure used to determine the 

chemical composition, please see Section 6.1.1. The main difference in chemistry 

between those materials lies in their Mn content, therefore they are labelled hereafter as 

‘Low Mn’ (0.98 wt.% Mn) and ‘High Mn’ (1.52 wt.% Mn).  

Table 7.1. Chemical composition (wt.%) of the two 316H materials under 

investigation. See Section 6.1.1 for further details on how the chemical 

compositions were measured.  

Material Cr Ni Mo Mn Si Cu Co C N Nb Ti Fe 
Low Mn 16.91 11.44 2.26 0.98 0.42 0.14 0.14 0.070 0.032 <0.02 <0.02 Bal. 
High Mn 16.55 11.28 2.30 1.52 0.49 0.10 0.09 0.058 0.082 0.06 0.02 Bal. 

Prior to this study, the materials were in AGR service within the secondary coolant 

loop, and therefore had not been exposed to AGR primary gas coolant during their 

service lives. These materials were in service at around 525 °C for 

approximately 9´104 h and 1´105 h for ‘Low Mn’ and ‘High Mn’ steel respectively. 

They were in the form of ex-service pipes with inner and outer diameters of 153 and 

215 mm respectively, resulting in a wall thickness of 63 mm. These materials, without 

being subjected to pre-conditioning, are known hereafter as “as-received” materials for 

this study.  
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Figure 7.1. (a) Pipe schematic; (b) polished coupon; (c) coupons placed in the wire 

mesh carrier; (d) coupons positioned in the autoclave. 

Cylindrical bars were extracted from the longitudinal direction of the pipe as 

detailed in Figure 7.1a and b, then mechanically ground and polished on their outer 

surfaces to 0.25 µm colloidal silica surface finish to promote surface oxide formation. 

The polished bars were sectioned into smaller coupons of 9.5 mm in length and the 

surface roughness of a representative selection of coupons was measured. This 

consisted of using a Taylor Hobson Intra 2 surface tester, possessing a small stylus that 

is mechanically pulled across the polished surface, with changes in the surface 

topography being measured by the stylus. The surface roughness was measured to be 
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0.01 Ra ± 0.002 Ra. A limited number of coupons were retained in the as-received 

condition for characterisation of the baseline microstructure, whereas the majority of 

coupons were inserted into an autoclave for pre-conditioning at a pressure of 

600 psi (4.14 MPa), in simulated AGR primary gas coolant containing 500 vppm H2O, 

100 vppm H2, 300 vppm CH4 and 1 vol.% CO, balanced with CO2 (see Figure 7.1c 

and d). 

The selected combinations of pre-conditioning temperatures and interruption times, 

at which coupons were removed from the autoclave for metallographic examination, 

are given in Table 7.2. Two temperatures were chosen to induce different severities and 

depths of carburised layers, with the C diffusion rate being five times faster at 600 °C 

compared to 550 °C. However, both temperatures would induce a sufficiently severe 

and deep carburised layer within period of time, allowing the subsequent creep testing 

within the project timeframes. The maximum exposure time for both materials was 

3000 h at 600 °C and 8000 h at 550 °C (see images in Figure 7.2) having developed a 

carburised layer as deep as the carburised layer in some in-service carburised 

components [7.4].  

Table 7.2. Pre-conditioning interruption times at which coupons were removed for 

metallographic examination.   

Pre-conditioning 
Temperature (°C) 

Interruption times (hours) 

550 1000, 2000, 4000, 6000, 8000 
600 500, 1000, 2000, 3000 
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Figure 7.2. Images of coupons in the (a) virgin as-polished finished (not 

carburised); (b) pre-conditioned for 8000 h at 550 °C; (c) pre-conditioned for 

3000 h at 600 °C. 

7.2.2 Microstructural characterisation 

After pre-conditioning, stereographic images were taken of all coupons using an 

Olympus SZX9 microscope, before being sectioned longitudinally, mechanically 

ground and polished to 0.25 µm colloidal silica surface finish. Surface coverage of 

oxide, defined as the fraction of the measured length of duplex oxide relative to the total 

examined length, was determined using an optical microscope Olympus BX51M with 

Stream Essentials 2.3.2 software possessing a horizontal field view of 800 µm, based 

on 20 different locations (10 measurements on each sectioned coupon side) at least one 
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field of view apart. This analysis represents 80% of the total available examinable 

length from the 10 mm long sectioned coupon. The duplex oxide layer thickness was 

measured at the same 20-off locations as the surface oxide coverage just described, with 

one measurement taken at the centre of each of the images. This procedure used to 

obtain the oxide characteristics of coupons is an established industrial procedure. 

Measuring the oxide at the centre of the viewing frame removes any bias towards 

thicker or thinner oxide areas. In addition, to obtain representative measurements that 

account for variations in oxide thickness, both sides of the sectioned coupon are 

examined with 10 measurements taken on each side. The total of 20 measurements 

represents a significant number of positions/lengths to determine the oxide thickness.  

The microstructural characterisation was performed on a Tescan Scanning Electron 

Microscope (SEM) equipped with Oxford Instrument Electron Backscattered 

Diffraction (EBSD) and Energy Dispersive X-ray Spectroscopy (EDS) detectors. The 

grain boundaries in the baseline microstructure were revealed optically using 10 vol.% 

oxalic acid etching solution at 4.5 V for approximately 20 s.  

In the pre-conditioned coupons, the extent of carburisation was observed optically 

after etching with 10 vol.% Marbles Reagent for approximately 20 s, and more 

accurately determined from nano-hardness measurements on the specimen cross-

section using a NanoIndenter-XP (MTS Systems Corp.). A Berkovich-type diamond tip 

and a loading depth of 500 nm were used. The indenter tip geometry was evaluated 

using a silica standard. An array of 3 lines, 20 µm apart and with an indent spacing of 

12 µm, was conducted through the surface oxide layer into the bulk material. The 

hardness estimates, as a function of position from the oxide-carburised layer interface, 

correspond to the average of those 3 lines. The standard deviation of each set of hardness 

measurements was also determined.   
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The presence, or otherwise, of C in solid solution in austenite was assessed by X-

ray diffraction (XRD) using a Rigaku Smartlab 3kW diffractometer. For this purpose, 

a reduced q - 2q scan was performed over the {200} austenite reflection using a 

50 ´ 600 µm2 line beam (l = 1.5406 Å) at four consecutive (non-overlapping) locations 

from the oxide-carburised layer interface into the bulk material.  

The TEM characterisation of the carbide precipitates in the carburised layer was 

performed using a ThermoFisher FEI Tecnai G2 20 microscope equipped with a Gatan 

CCD camera and a LaB6 electron source operating at an acceleration voltage of 200 kV. 

An electron transparent specimen, to be analysed in a TEM, was prepared using a 

ThermoFisher FEI Helios 660 Focused Ion Beam (FIB) microscope. A thin protective 

platinum layer was first deposited at the region of interest (2´30 µm2) before ion milling 

was conducted using ion beam conditions of 30 kV and 3 nA. The resultant specimen 

was removed using an EasyLift EX probe and fixed to an Omniprobe copper grid. 

Progressively lower probe currents were used as the specimen was thinned down to 

approximately 100 nm thickness, culminating in the final polish using 30 kV and 80 pA 

and final cleaning at 2 kV and 27 pA. 

7.3 Results 

7.3.1 Baseline microstructure 

The optical and electron (BSE/EBSD) images of the as-received microstructure of 

both materials is shown in Figure 7.3. The average grain size of ‘Low Mn’ and 

‘High Mn’ was estimated to be 142 ± 110 µm and 81 ± 67 µm respectively, with the 

experimental errors representing the standard deviation of the size distribution. The 

procedure employed to determine the grain size is provided in Section 6.1.2. The grain 
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boundary characteristics of the as-received materials were analysed by calculating the 

length fraction of a certain type of boundary relative to the total length of grain 

boundaries detected using EBSD data. High Angle Grain Boundaries (HAGB), defined 

as those that have a mis-orientation angle greater than 15° [7.25, 7.26], make up 96% 

and 99% of all grain boundaries for ‘Low Mn’ and ‘High Mn’ respectively. Within the 

large number of HAGB observed, coincident site lattice (CSL) boundaries types ∑3 and 

∑9 account for 53% and 3% for ‘Low Mn’ and 60% and 7% for ‘High Mn’ steel. The 

presence of inclusions larger than 1 µm was analysed using large-area optical 

microscopy and found to be similar for both materials, with the number density and 

average area fraction estimated to be 43 per mm2 and 0.13%, respectively.  
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Figure 7.3. Optical micrograph of the ‘Low Mn’ (a) and the ‘High Mn’ (b) steel 

material in the as-received condition; together with the (c, d) backscatter electron 

(BSE) image and (e, f) EBSD map of those two materials.  

7.3.2 Oxidation 

During exposure to simulated AGR primary gas coolant, a duplex oxide layer was 

observed to develop on the surface of both materials at both 550 and 600 °C, as seen in 

Figure 7.4 and 7.5 respectively.  
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Figure 7.4. Cross-sectional micrograph of the pre-conditioning process of the 

‘Low Mn’ and ‘High Mn’ materials at 550 °C, after chemical etching with 

10 vol.% Marbles reagent. The red arrow indicates the shallow carburisation 

region.  
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Figure 7.5. Cross-sectional micrograph of the pre-conditioning process of the 

‘Low Mn’ and ‘High Mn’ steels at 600 °C. A heavily carburised region is observed 

to develop at longer pre-conditioning durations.  
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The two layers that make up the duplex oxide differ in grain characteristics and 

chemistry whilst no spalling of oxide was observed across both materials at either 

temperature. The outer Fe-rich porous layer (magnetite) grew outwards from the 

original metal surface as has been observed in previous observations [7.21, 7.22, 7.27, 

7.28]. The magnetite layer possesses a columnar grain morphology with an average 

grain size that is 2 µm wide and 4 µm long determined by EBSD data (see Figure 7.6). 

In contrast, the inner Cr and Ni-rich layer (spinel) grew inwards from the original metal 

surface [7.21, 7.22, 7.27, 7.28], is less porous and presents similar grain size and 

orientation to the bulk material (see Figure 7.6). 

 

Figure 7.6. (a) Illustrative BSE, (b) EBSD and (c – i) EDS elemental maps of the 

cross section of ‘Low Mn’ steels pre-conditioned for 3000 h at 600 °C. The white 

box in the EBSD map outlines the region characterised in more detail by EDS (see 

Figure 7.7). 
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The chemistry and grain morphology of the duplex oxide layer was similar in both 

materials at the two pre-conditioning temperatures. However, in some inner locations a 

Cr-rich layer with a thickness of 1 – 4 µm was also detected that prevents further 

internal scale growth (see Figure 7.7).  

  

Figure 7.7. (a) BSE image of the region in the microstructure outlined in Figure 

7.6, together with the elemental maps at spinel-metal interface (b – h). (i) The EDS 

line scan across the Cr-rich oxide layer is indicated by the white line on the BSE 

image.  
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Whilst oxide coverage and thickness measurements have been determined where 

duplex oxide formation is primarily observed, the presence of a small amount of the 

initial chromia may still exist within the oxide scale. These measurements were also 

taken within regions that did and did not present a Cr-rich layer like that present in 

Figure 7.7. The surface oxide coverage as a function of exposure time is shown in Figure 

7.8a. These data reveal that the duplex oxide layer forms more readily at 600 °C than 

550 °C in both materials. 

 

Figure 7.8. (a) Time dependence of the surface oxide coverage at both 550 °C and 

600 °C in the two tested materials. The optical image of the cross section of 

‘High Mn’ steel is shown for a pre-conditioning time of (b) 2000 h and (c) 4000 h 

at 550 °C.  

In regions of no duplex oxide formation, the thin chromia film protects the bulk 

metal from further oxidation. This can be observed in Figure 7.8b, where a significant 
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fraction of the ‘High Mn’ steel surface is still protected by the initial chromia film and 

a relatively small amount of duplex oxide is present after 2000 h at 550 °C. A further 

2000 h pre-conditioning time at 550 °C generated an increase in the surface coverage 

of duplex oxide, as shown in Figure 7.8c. This has formed in regions where the initially 

protective chromia film has spalled and is unable to re-form. EDS line scans (4 µm wide 

by 9 µm long) across the protective chromia film into the bulk, conducted on coupons 

from both materials that were pre-conditioned for 2000 h at 550 °C, are presented in 

Figure 7.9 A reduction in Cr is detected directly beneath the chromia film. The local 

depletion of Cr at the surface occurs from cycles of spallation and re-formation [7.8, 

7.10].  

 

Figure 7.9. SEM Secondary Electron image and EDS line scans, 4 µm wide, 

indicated by the white line on each SEM image and the compositional data 

presented for (a) and (b) ‘Low Mn’ and (c) and (d) ‘High Mn’ having both been 

pre-conditioned for 2000 h at 550 °C. 



Chapter 7: Oxidation and carburisation behaviour of two type 316H stainless steel casts in a simulated 
AGR gas environment at 550 and 600  C 

   219 

Within the chromia film on material ‘Low Mn’, the amount of Cr, Si and Mn 

increased compared to the bulk to 25.5, 3.8 and 3.5 wt.% respectively whilst the amount 

of Fe decreased to 37.0 wt.%. Whereas for material ‘High Mn’, the local Fe content in 

the chromia film was reduced further to 24.0 wt.% with a similar uptake of Si of 

3.9 wt.% and larger increases of Cr and Mn to 34.3 and 5.7 wt.% respectively.  

Oxide growth data obtained over a large area, as described in Section 7.2.2, is 

collected in Table 7.3, alongside the carburisation data which will be discussed in the 

Section 7.3.3. The oxide data is illustrated by cross-sectional micrograph images, 

showing the evolution of the duplex oxide formation at the selected pre-conditioning 

temperatures and times in Figure 7.4 and 7.5. The oxide growth data is graphically 

presented in Figure 7.10.  

 

Figure 7.10. Time evolution of the total, magnetite and spinel thickness (µm), 

together with the oxidation rates (µm/1000 h) in both ‘Low Mn’ and ‘High Mn’ 
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steel pre-conditioned at 550 °C and 600 °C. The error bars represent the standard 

deviation of the measurements.  

The oxidation results indicate that the duplex oxide growth is significantly faster at 

600 °C than at 550 °C and is also fastest in the early stages of pre-conditioning with a 

smaller oxide growth rate in the later stages. Moreover, the inner spinel formation has 

marginally faster kinetics than the outer magnetite layer. The development of duplex 

oxide on both materials follows a similar time evolution at both pre-conditioning 

temperatures.  
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Table 7.3. Pre-conditioning parameters, as well as material characteristics 

obtained from optical microscopy and nano-hardness measurements (to be 

discussed in Section 7.3.3), where T denotes the pre-conditioning temperature, t 

the pre-conditioning time, tox the oxide thickness, tsp the spinel thickness, Hox the 

peak oxide hardness, Hbulk the bulk hardness, ΔHc the change in bulk hardness due 

to carburisation, tc the thickness of the carburised layer, and additionally the A 

and B parameters obtained from fitting  the nano-hardness cross-sectional profiles 

to Equation 7.4. 

Material T 
(°C) 

t  
(h) 

tox 
(µm) 

tsp 
(µm) 

Hox 
(GPa) 

Hbulk 
(GPa) 

ΔHc 
(GPa) 

tc 
(µm) A B 

Low Mn 

550 1000 12 6 11.9 2.7 1.2 19 2.1 0.014 
550 2000 18 10 10.3 2.8 2.0 25 2.2 0.018 
550 4000 26 15 12.5 3.0 3.2 45 2.1 0.036 
550 6000 46 26 13.2 3.1 4.1 48 3.5 0.028 
550 8000 56 30 12.7 3.2 3.0 73 2.7 0.051 
600 500 27 13 12.1 2.9 4.3 54 4.5 0.026 
600 1000 51 28 12.5 2.9 4.8 107 4.8 0.050 
600 2000 77 42 12.0 3.2 5.1 131 6.0 0.059 
600 3000 105 60 11.5 3.6 4.6 144 4.7 0.076 

High Mn 

550 1000 13 7 10.2 2.9 1.2 12 1.6 0.012 
550 2000 16 10 12.5 2.8 1.1 16 1.6 0.015 
550 4000 29 15 11.1 3.0 1.0 14 1.4 0.016 
550 6000 37 20 13.3 3.0 1.0 23 1.3 0.030 
550 8000 53 29 10.1 2.9 2.7 34 2.7 0.023 
600 500 40 22 12.1 2.8 5.4 61 6.5 0.025 
600 1000 65 34 11.4 3.3 5.1 85 5.0 0.042 
600 2000 85 46 11.8 3.1 4.8 121 5.4 0.056 
600 3000 110 60 12.1 3.4 4.5 138 5.8 0.064 

7.3.3 Carburisation 

The extent of carburisation with respect to time is visually observed in etched 

optical images for 550 °C (Figure 7.4) and 600 °C (Figure 7.5). Little carburisation is 

evident optically at 550 °C, apart from a shallow carburisation region directly beneath 
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the spinel layer on the ‘Low Mn’ steel after 8000 h (see red arrow in Figure 7.4). In 

contrast, there is a thick, heavily-carburised region visible in both materials after 3000 h 

at 600 °C (see Figure 7.5). Cross-sectional nano-hardness measurements were 

performed to accurately define the depth of carburisation at each pre-conditioning step, 

with representative nano-hardness profiles of the shortest and longest pre-conditioning 

durations for both 550 and 600 °C presented in Figure 7.11. The nano-hardness 

measurements were taken in regions where duplex oxide had no Cr-rich layer, like that 

presented in Figure 7.7, and with an oxide thickness that was similar to the mean oxide 

thickness for that material and interruption, see the cross-sectional micrograph images 

in Figure 7.4 and Figure 7.5.  

When considering the nano-hardness measurements in the oxide layer first, the 

outer magnetite oxide layer exhibits a lower hardness than the inner spinel layer. The 

spinel has a consistent hardness value of 10 – 13 GPa at each step. The hardness values 

in the duplex oxide layer have been fitted to a Gaussian function represented by the blue 

markers and line respectively in Figure 7.11. 



Chapter 7: Oxidation and carburisation behaviour of two type 316H stainless steel casts in a simulated 
AGR gas environment at 550 and 600  C 

   223 

 

Figure 7.11. Nano-hardness measurements of the coupons pre-conditioned at 

550 °C and 600 °C at exposure times representative of the oxidation/carburisation 

process. The error bars represent the standard deviation of the measurements.  
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The effect of carburisation causes an increase of ΔHc 2.7 - 5.5 GPa in hardness 

below the oxide layer with respect to the bulk hardness (Hbulk). The hardness data (H) 

from the oxide-carburised layer interface into the bulk microstructure has been fitted to 

an exponential function of the form:  

 𝐻 = 𝐴´𝑒𝑥𝑝 �−
𝑥
𝐵� + 𝐻<$(T (7.4) 

where x is the distance from the oxide-carburised layer interface, A and B are fitting 

parameters and Hbulk is the bulk hardness of the material. The depth of carburisation 

was defined as the location in the microstructure where the local hardness value, using 

the exponential fit, is at 120 % of bulk hardness, in line with industrial practice [7.29] 

and consistent with the optical and electron microscopy evidence across all specimens 

in this study for completeness, this is represented by the shaded red region in Figure 

7.11. The nano-hardness measurements taken at each interruption produce one 

carburised depth value. The parameters characterising the hardness profile, including 

the carburisation thickness and exponential model fitting parameters, for each tested 

pre-conditioning temperature and time, and for both materials, are collated in Table 7.3 

(see page 221). The changes in both the oxide and carburised thicknesses with time are 

shown in Figure 7.12.  

The data for both the oxidation kinetics (described in Section 7.3.2) and the 

carburisation kinetics have been fitted to a parabolic law:  

 𝑌/ = 𝑘;´	𝑡 
(7.5) 

where Y is the thickness (µm) of either the duplex oxide or the carburised layer, t is 

exposure time and kp is the apparent parabolic constant for either oxidation (kpo) or 

carburisation (kpc). The parabolic fits for both the oxidation and carburisation thickness 
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measurements as a function of time are plotted in Figure 7.12. However, not all the 

thickness measurements were used as part of the fit, with the open data symbols not 

being included in the fit. 

 

Figure 7.12. Simultaneous evolution of the duplex oxide thickness and the 

carburised thickness with exposure time for the two tested materials and pre-

conditioning temperatures. The values of the kp constants are given in units of 

µm2/hr and the error bars are the standard deviations of the thickness 

measurements.   
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The experimental kp values at the two tested temperatures have been used to obtain 

the activation energy (Q) for both oxidation and carburisation in each material using an 

Arrhenius-type expression: 

 𝑘; = 𝑘!´	𝑒𝑥𝑝 -
−𝑄
𝑅𝑇2 (7.6) 

where k0 corresponds to the pre-exponential factor, R the gas constant and T the 

temperature in K. The values obtained for the apparent parabolic constant kp at the two 

tested temperatures for both oxidation and carburisation are collected in Table 7.4, 

together with the values of the activation energy (Q) and the pre-exponential factor (k0). 

The values of the activation energy lie in the range of 352-355 kJ/mol, with the 

exception of the carburisation in the ‘High Mn’ steel whose activation energy is 

~ 530 kJ/mol.  

Table 7.4. Apparent parabolic kinetic constants of the oxidation (kpo) and 

carburisation (kpc); k0 is the pre-exponential factor and Q is the activation energy 

resulting from the Arrhenius fitting of the apparent parabolic kinetic constant as 

a function of temperature. 

Material 
kp 

(550 °C) 
(µm2/h) 

Std. Error kp 
(550 °C) 
(µm2/h) 

kp 
(600 °C) 
(µm2/h) 

Std. Error kp 
(600 °C) 
(µm2/h) 

k0 
(µm2/h) 

Q 
(kJ/mol) 

Oxidation parabolic kpo 
Low Mn 0.17 0.01 3.21 0.82 4.28 ´ 1021 353 
High Mn 0.20 0.04 3.95 0.32 6.79 ´ 1021 354 

Carburisation parabolic kpc 
Low Mn 0.41 0.08 7.75 1.75 9.45 ´ 1021 352 
High Mn 0.08 0.03 6.80 0.53 3.58 ´ 1032 530 

The C ingress through the duplex oxide layer and into the bulk microstructure can 

cause an increase in C in solid solution in the austenite grains and/or the formation of 

second phase precipitates such as M23C6 and/or M7C3 carbides  [7.14]. A series of XRD 
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scans through the {200} austenite reflection was performed in the cross section of the 

‘High Mn’ steel pre-conditioned at 600 °C for 3000 h, see Figure 7.13a. The calculated 

austenite lattice parameter, a, at each probed location in the sample cross section is 

given in Table 7.5.  

Table 7.5. Position of the {200} austenite reflection at selected locations from the 

oxide-carburised layer interface (see Figure 7.13b), measured by X-ray diffraction 

in the ‘High Mn’ steel pre-conditioned at 600 °C for 3000 h 

Point 
Scanning position from 
oxide-carburised layer 

interface (µm) 
2θ (°) a (Å) 

1st 0-50 50.68 3.5994 
2nd 50-100 50.70 3.5978 
3rd 100-150 50.73 3.5960 
4th 150-200 50.75 3.5945 

The lattice parameter experiences a systematic decrease from the oxide-carburised 

layer interface into the bulk. The austenite lattice parameter can be estimated using the 

expression [7.30]: 

𝑎 = 3.5780 + 0.033𝐶 + 0.00095𝑀𝑛 − 0.0002𝑁𝑖 + 0.0006𝐶𝑟
+ 0.0220𝑁 

−0.0004𝐶𝑜 + 0.0015𝐶𝑢 + 0.0031𝑀𝑜 + 0.0051𝑁𝑏 + 0.0039𝑇𝑖 
(7.7) 

where the content of each alloying element is given in wt.%. The presence of silicon 

does not influence the austenite lattice parameter within the experimental 

accuracy [7.30]. The value of the lattice parameter estimated for ‘High Mn’ steel, taking 

into account all alloying elements with the exception of C, amounts to 3.5967 Å. This 

is compared to the highest experimental value close to the interface with the oxide layer 

of 3.5994 Å. Therefore, there is only ~ 0.08 wt.%C in solid solution in the austenite 

lattice, an increase of approximately 0.02 wt.%C due to carburisation. Bright field TEM 

images of the FIB specimen extracted from the carburised layer show the presence, both 
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inter- and intragranularly, of a relatively large density of nano-sized second phase 

precipitates with a cuboidal or needle shape structure (Figure 7.13b-e). The selected 

area electron diffraction patterns (Figure 7.13f & g) correspond to M23C6 carbide 

precipitates [7.31], with a cube-on-cube orientation relationship with the austenite 

matrix, i.e. {100}g || {100}M23C6 : <010>g || <010>M23C6, and a lattice parameter of 

~ 10.68 Å.  

 

Figure 7.13. (a) (200) austenite reflection measured by X-ray diffraction at 

different locations from the oxide-carburised layer interface into the bulk 

microstructure of ‘High Mn’ steel pre-conditioned at 600 °C for 3000 h; (b) optical 

image of the cross section showing the scanning positions of the XRD 

measurements displayed in (a) and the region shown in more detail in (c) from 
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which a TEM specimen was extracted by focus ion beam milling; (d) a montaged 

bright field image of the TEM specimen obtained at 200 kV; (e) bright field TEM 

image of the area highlighted in (d); (f) and (g) selected area electron diffraction 

patterns along two representative zone axis of both the carbide precipitates 

(M23C6) and the austenite matrix. 

7.4 Discussion 

The formation of a duplex oxide layer has been observed on both materials and pre-

conditioning temperatures, the proposed mechanism for which is presented in Figure 

7.14. This begins with the material initially being protected by a thin chromia film 

which, once spalled and unable to reform, allows the duplex oxide to form. The chromia 

rupture and spallation occurs after 500 h, with the only exception being the ‘High Mn’ 

steel at 550 °C that requires greater than 2000 h exposure for the chromia to rupture and 

significant duplex oxide layer formation. The local chemical composition of the 

chromia film for both materials is presented in Figure 7.9. The EDS evidence shows 

‘High Mn’ steel having higher amounts of Cr and Mn in the protective chromia film 

compared to ‘Low Mn’ steel. The presence of enhanced Mn contents locally in the 

protective film in steels has been shown to reduce the oxidation rate due to its additional 

stabilising effect and the potential local formation of MnCr2O4 oxide [7.32, 7.33]. 

‘High Mn’ steel possesses a larger amount of Mn available to further stabilise the 

protective chromia film, owing to its higher Mn content (1.52 wt.%) as compared to 

‘Low Mn’ steel (0.98 wt.%). Mn has also been reported to diffuse at a faster rate along 

grain boundaries than Cr [7.32], and since grain boundaries enhance Cr and Mn outward 

diffusion, enabling re-formation of the chromia film, the observation is consistent with 

the material with the smaller grain size [7.9] and a higher Mn content [7.32, 7.33] to 
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maintain a chromia layer for longer. Additionally, the oxidation rate is influenced by 

surface texture effects, with preferred crystallographic planes, such as {001} for 

polycrystalline Fe-Cr steels offering lower activation pathways for diffusion, that 

contribute to differences in the early stages of oxide nucleation and growth [7.34].  

 

Figure 7.14. Schematic representation of the main steps taking place at the near-

surface of ‘Low Mn’ and ‘High Mn’ steel during pre-conditioning at the 

temperature of 550 °C in AGR gas mixture: (a) initial protective chromia film 

present on the steel surface that (b) starts to rupture and spall in the early stages 

of pre-conditioning, (c) duplex magnetite/spinel layer starts to form after ~ 1000 h 

in locations where the chromia layer has spalled, (d) after ~ 4000 h a Cr-rich inner 
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layer halts locally further inward growing spinel oxidation, whereas continuous C 

ingress leads to M23C6 formation both inter- and intragranularly underneath the 

duplex oxide layer, (e) after ~ 8000 h oxidation and carburisation continue to 

progress in both materials. The ‘High Mn’ steel possessed an elevated chemical 

composition of Mn and a smaller austenite grain size which both increased the 

ability of the protective chromia film to form by enhancing Mn and Cr locally in 

the chromia film.  

The formed duplex oxide layer is composed of an outer magnetite (Fe3O4) layer 

and an inner spinel (MCr2O4) layer with M = Cr, Ni, with these scales being similar to 

those formed in other CO2 rich environments [7.12, 7.14, 7.17-7.24, 7.27, 7.28]. A 

duplex oxide scale was identified on 18/8 steel when oxidised in CO2 at 600 °C and 

atmospheric pressure (0.1 MPa), with the inward growing spinel presenting the 

stoichiometry (Ni,Fe)CrO4 [7.27]. Over time, with a preferential supply of Cr 

increasing the Cr/Fe ratio, FeCr2O4 nucleates [7.27]. When an austenitic 310N steel is 

exposed to H2O/CO2 or H2O/CO2/O2 environments at 550 – 700 °C, a duplex oxide 

layer that consisted of FeCr2O4 and Fe2O3 is formed [7.18]. Thermodynamically, an 

oxide will only form if its dissociation pressure in equilibrium with the metallic 

substrate is less than the environment’s oxygen partial pressure (𝑝?!). For simulated 

AGR primary gas coolant, the mixture is assumed for calculations to be composed of 

~ 1vol.% CO / 99vol.% CO2, since the equilibrium 𝑃C! 𝑃C!?⁄  ratio was unknown in this 

case. The standard CO/CO2 equilibrium and its temperature-dependent constant (K) can 

be expressed as:  

 𝐶𝑂/ = 𝐶𝑂 +
1
2𝑂/ (7.8) 
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 𝐾 = exp	 �−
∆𝐺!

𝑅𝑇 � (7.9) 

where R is the gas constant of 8.314 J/Kmol, T is the temperature given in K and ∆𝐺! 

is the change in standard Gibb energy for the equilibrium in Equation 7.8. The latter 

amounts to -206 kJ/mol at 600 °C [7.35]. The equilibrium constant can in turn be 

expressed in term of the partial pressures of the species in the aforementioned 

equilibrium: 

 𝐾D =
𝑃1?𝑃?!

D//

𝑃1?!
 (7.10) 

If the CO/CO2 volumetric ratio is assumed to correspond to the equilibrium partial 

pressure ratio, i.e. 𝑃1? 𝑃1?!⁄ = 0.01 0.99⁄ , the oxygen partial pressure at 600 °C 

amounts to 𝑃?! =1.84 ×  10-21atm. This value is lower than 𝑝?! =10-15 atm to form 

hematite Fe2O3, but higher than the dissociation pressure of 𝑝?! =10-25 atm for 

Fe3O4 [7.35]. Consequently, the observed magnetite formation, as compared to 

hematite, under the mixed gas environment and temperatures during pre-conditioning 

was consistent with the theoretical expectations. In addition to the duplex oxide 

formation, a Cr-rich layer (see Figure 7.7), also termed ‘healing layer’ in the 

literature [7.27], is infrequently observed in localised regions of the sample cross 

section underneath the duplex layer in this study. This additional oxide layer forms in 

regions of high Cr content [7.27] and, once formed, locally halts further growth of the 

duplex oxide layer.  

The formation mechanism of the duplex oxide layer is controlled by the outward 

diffusion of iron atoms from the bulk to the surface in contact with the AGR primary 

gas coolant where surface magnetite forms as shown in Figure 7.14c [7.28]. Iron 

additionally transports through high-diffusion paths of the spinel and also reacts with 
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CO2 at the oxide/spinel interface to form additional magnetite Fe3O4 oxide according 

to [7.36]:  

 4CO/ + 3M = M.OG + 4CO (7.11) 

Simultaneously, O-containing species, such as CO2, migrate through the outer 

magnetite layer and to the spinel-carburised layer interface, and backwards to the 

magnetite/spinel interface [7.36], where they react in both locations via Equation 7.11 

to form spinel oxide MCr2O4 where M=Cr or Ni [7.27, 7.28, 7.37]. At the spinel-

carburised interface, CO that is produced from Equation 7.11 dissociates via the 

Boudouard reaction (Equation 7.1) to form C atoms [7.36] which diffuse into the bulk 

matrix and form carbides as presented in Figure 7.14d. Thus, the concept of ‘O related 

diffusivity’ is related to CO2 diffusivity [7.36]. As C is generated locally through the 

Boudouard equilibrium (Equation 7.1), the C activity, ac, is calculated by [7.12]: 

 𝑎H = 𝐾/
𝑃1?/

𝑃1?!
 (7.12) 

where K2 is determined from Equation 7.9 and ∆𝐺! =	-18.4 kJ/mol at 600 °C [7.35]. If 

it is also assumed that the CO/CO2 volumetric ratio corresponds to the equilibrium 

partial pressure ratio, i.e. 𝑃1?/ 𝑃1?!� = 0.01/ 0.99⁄ , then ac at 600 °C is 0.00126.  

The grain morphology of the two oxides, which although growing at similar rates, 

is different, with the outer magnetite being more porous and having a finer grain size 

when compared to the inner spinel (see Figure 7.6). The O-related diffusivity is reported 

to be lower in spinel that has a higher Cr concentration and less porosity [7.27]. The 

oxidation at 600 °C follows a single parabolic kinetic behaviour up to the highest 

exposure time of 3000 h. However, at 550 °C, the oxidation rate increases at ³ 4000 h 

for ‘Low Mn’ steel and ³ 6000 h for ‘High Mn’ with respect to the extrapolated 
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parabolic behaviour from shorter times (see Figure 7.12). The increased oxidation rate 

at the later stages of pre-conditioning is suggested to be due to cracks forming within 

the oxide. Similar phenomenon has been observed in magnetite/spinel oxide scales in 

martensitic (P91 and P92) steels exposed to steam environments at 600-650 °C [7.38, 

7.39] and in Incoloy 800 (32.5Ni-21Cr-46-Fe) exposed to simulated AGR primary gas 

coolant (4.14 MPa) at 800 °C [7.40]. In both cases, the oxide cracks formed were 

caused by significant stresses in the oxide scale, developed during scale growth, 

combined with thermal/mechanical induced stresses. The presence of oxide cracks 

creates new pathways through which O-containing species can migrate inwards to the 

internal reaction front for further oxidation [7.38, 7.39]. The oxidation kinetics were 

observed to be faster for ‘High Mn’ compared to ‘Low Mn’, although the duplex oxide 

formation in ‘High Mn’ steel at 550 °C were initially affected by the increased 

protection by the chromia layer. A study on ex-service 316H stainless steel exposed to 

an atmospheric pressure (0.1 MPa) environment at 550 °C which contained 

1%CO/99%CO2 with no H2, H2O or CH4 [7.22], reported a similar oxidation rate to that 

observed in this work. This shows such differences in environments (gas pressure and 

low-level gas constituents) have little effect on the oxidation kinetics of 316H stainless 

steel. 

Carburisation occurs largely at the onset of duplex oxide formation in both 

materials, with minimal carburisation in the early stages of pre-conditioning at 550 °C, 

when the duplex oxide layer is forming in the ‘Low Mn’ steel. Based on the evidence 

of a tracer C diffusivity study [7.11], C was not soluble within the lattice or grain 

boundaries of duplex oxides, but was located in the pores of the oxides. Therefore, the 

movement of C-bearing species occurs through cracks and pores [7.11]. At the oxide-

metal boundary, the Boudouard reaction (Equation 7.1) generates C atoms from CO and 
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then C diffuses into the underlying austenite matrix (see Figure 7.14). Additionally, the 

advancement of the inward growing spinel oxide front releases C atoms that can further 

diffuse inwards in the bulk material. A small amount of C atoms remains in solid 

solution in the austenite lattice, especially close to the spinel-carburised layer interface 

(see Figure 7.13a). The C content was measured to be 0.08 wt.%C close to the spinel-

carburised layer interface in ‘High Mn’ steel pre-conditioned at 600 °C for 3000 h, 

whereas the reported C solubility in 18Cr-8Ni steels at 850 °C varies from 0.017 to 

0.032 wt.% [7.41]. The majority of the excess C takes part in the formation of cuboidal 

or needle-shaped M23C6 carbide precipitates, both inter- and intragranularly (see Figure 

7.13d-g). The M23C6 carbide precipitates can be elongated along the <110> 

crystallographic direction [7.41, 7.42]. The presence of other carbide precipitates such 

as M7C3 was not detected in the carburised layer. 

Similarly to oxidation, carburisation at 550 °C and 600 °C follows a parabolic law 

up to 6000 h and 3000 h respectively. At 550 °C, the carburisation rate increases at 

³ 6000 h with respect to the extrapolated parabolic behaviour. The oxidation rate also 

increases at the same time or earlier in the case of ‘Low Mn’ steel at 550 °C, showing 

that any cracking of the oxide layer facilitates the C ingress into the bulk material. The 

‘Low Mn’ steel has marginally faster carburisation kinetics than the ‘High Mn’ steel at 

600 °C with the carburisation apparent parabolic rate constants of 7.75 µm2/h and 

6.80 µm2/h respectively. In contrast, at 550 °C the carburisation apparent parabolic rate 

constant for ‘Low Mn’ steel was 0.41 µm2/h, approximately 4 times faster than the 

constant of ‘0.08 µm2/h for ‘High Mn’ steel. This cast-to-cast variation in carburisation 

kinetics is due to the increased protection from duplex oxide formation by the chromia 

layer on ‘High Mn’ steel at 550 °C (see Figure 7.8) hindering carburisation (see Figure 

7.12).  
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The ratio between the activation energy for grain boundary diffusion to bulk 

diffusion is approximately 0.4-0.5 [7.43]. Therefore, intergranular C diffusion occurs at 

a faster rate than bulk diffusion, and carbide precipitation along grain boundaries 

develops earlier and to greater depths [7.44]. M23C6 form on grain boundaries, but also 

at inclusion interfaces and inside the austenite grains [7.45]. Random high-angle grain 

boundaries are more susceptible to carbide precipitation, whereas the behaviour of low-

angle grain boundaries and coincidence lattice sites varies with alloy composition and 

experimental conditions [7.45]. In this study, both steel grades present a predominant 

fraction of high-angle grain boundaries, namely 96% and 99% for ‘Low Mn’ and 

‘High Mn’ respectively. Within the large number of HAGB observed, CSL boundaries 

types ∑3 and ∑9 account for 53% and 3% for ‘Low Mn’ and 60% and 7% for ‘High Mn’ 

steel. The presence of carbide precipitates was detected in all types of grain boundaries 

observed, and also inside the austenite grains (see Figure 7.13d). Evidence from 

literature has revealed the formation of intragranular carbides forming on pre-existing 

dislocations [7.41, 7.42]. The formation of M23C6 carbide precipitates requires the 

diffusion of both C and Cr atoms, whereas Ni would diffuse away from the 

precipitate [7.41]. Subsequent growth of carbide precipitates formed at austenite grain 

boundaries occurs by Cr atoms being delivered via grain boundary diffusion and short-

range bulk diffusion in front of the migrating M23C6/austenite interface [7.46]. 

The kp values determined in this study have been used to estimate the activation 

energy for both the oxidation and carburisation processes and materials. Whilst both 

materials do not have complete oxide coverage at 550 °C, these values can provide an 

insight into the rate limiting factors that control carburisation. As such, the activation 

energies for both oxidation and carburisation of both materials at 550 – 600 °C have 

been estimated to be approximately 350 kJ/mol, apart from carburisation of ‘High Mn’ 
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steel which is characterised by a higher activation energy of approximately 530 kJ/mol 

(Table 7.4). Alternatively, a linear fit to the oxidation and carburisation kinetics data is 

presented in Figure 7.15, and the resultant activation energies based on the linear fit 

collected in Table 7.6. A linear fit yields energy values somewhat lower than using a 

parabolic fit of the data. It must be noted that exposure to simulated AGR primary gas 

coolant for longer durations beyond 8000 h at 550 °C will lead to full surface oxide 

coverage of both materials. This will influence oxidation and carburisation kinetics and 

thus the activation energy may also change.  

 

Figure 7.15. Linear kinetic constants of the oxidation (klo) and carburisation (klc); 

k0 is the pre-exponential factor and Q is the activation energy resulting from the 

Arrhenius fitting of the linear kinetic constant as a function of temperature. 
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Table 7.6. Linear kinetic constants of the oxidation (klo) and carburisation (klc); k0 

is the pre-exponential factor and Q is the activation energy resulting from the 

Arrhenius fitting of the linear kinetic constant as a function of temperature. 

Material 
kl 

(550 °C) 
(µm2/h) 

Std. Error kl 
(550 °C) 
(µm2/h) 

kl 
(600 °C) 
(µm2/h) 

Std. Error kl 
(600 °C) 
(µm2/h) 

k0 
(µm2/h) 

Q 
(kJ/mol) 

Oxidation linear klo 
Low Mn 0.0072 0.0003 0.037 0.003 2.32 ´ 1010 197 
High Mn 0.0067 0.0004 0.041 0.005 4.65 ´ 1011 218 

Carburisation linear klc 
Low Mn 0.0093 0.0007 0.058 0.010 8.31 ´ 1011 220 
High Mn 0.0042 0.0005 0.054 0.008 9.70 ´ 1016 305 

The reported value of the activation energy for bulk C diffusion in 316 stainless 

steel in the temperature range of 450 – 1200 °C is 142 kJ/mol [7.47]. However, 

significant C-Cr attractive interactions in austenite increases the activation energy, i.e. 

they lead to a higher value of 163 kJ/mol for a Cr content of 7 wt. % [7.47] and therefore 

will be higher with increasing Cr content. The effect on Ni on C diffusion is in contrast 

very small [7.47]. In addition, at relatively high C contents in solid solution, i.e. above 

~ 0.2 at. % in Fe-19.1Ni-10.8Cr-xC with x = 0.010-0.809 at. %, the repulsive 

interaction between nearest-neighbour C atoms causes an increase in diffusivity with C 

content [7.48]. Thus the higher activation energy observed is as a result of decreasing 

C content and the interaction with Cr. Bulk Cr diffusion in annealed 316 steel at 

750 - 1200 °C is characterised by an activation energy of 243 kJ/mol [7.49]. The 

activation energy for bulk Cr diffusion depends on the Ni content in the alloys, since an 

increase from 9 to 22 wt.% Ni causes an increase in bulk Cr diffusion rate by a factor 

of 2.5 [7.41]. Furthermore, Cr diffusion along grain boundaries is faster than inside the 

austenite grains with an activation energy in the range of 151–234 kJ/mol, based on 

high-temperature tracer diffusion data, and potentially also including diffusion along 
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subgrains and low-angle grain boundaries [7.49, 7.50]. Additional diffusion data for 

316 steel in the low temperature range of 245 - 900 °C yielded a lower activation value 

of 85 - 91 kJ/mol for Cr diffusion along grain boundaries, depending on the heat 

treatment history [7.50]. In contrast, Ni presents lower bulk diffusion rates with a 

measured activation energy of 317 kJ/mol in Fe-14.88Ni alloy in the temperature range 

of 450 – 1200 °C [7.47]. Therefore, the diffusivity of solute atoms (e.g. Cr) is the rate-

limiting step in the carburisation of 316 steel in AGR primary gas coolant environments.  

The higher activation energy for carburisation in ‘High Mn’ steel can be attributed 

to the higher effect of small inclusions, < 1 µm in size that were not observed using 

optical microscopy, in the diffusion of those substitutional solutes. The available data 

on small inclusions is limited however, indirect evidence such as the different grain 

sizes and chemical compositions observed between the two ex-service steels can be 

taken into consideration. It is indicative that the steel cast with the smaller grain size 

and higher Mn content will possess small inclusions. Further investigation can follow 

to analysis these effects in greater detail as discussed in Chapter 12 – Further Work. 

Existing studies on the effect of small inclusions on the local microstructure, in-situ 

TEM during annealing of 304 stainless steels at 650 °C revealed the preferred formation 

of M23C6 carbide precipitates at austenitic grain boundaries [7.46]. From this 

study [7.46], the carbide/matrix interface is characterised by the presence of misfit 

dislocations stemming from the lattice mismatch, and also local Cr depletion profiles. 

In addition, another study [7.51] observed local strain fields arising from the presence 

of misfit dislocations which were also reported to be close to small (Ti,Mo,Cr)C 

precipitates in Ti-stabilised austenitic stainless steel. Pipe diffusivities along dislocation 

cores ahead of the migrating interface are similar in magnitude as diffusivities along 

large-angle grain boundaries [7.52]. Furthermore, the continuous carbide formation was 
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found to cause a systematic reduction in austenite lattice parameter that scales with the 

carbide volume fraction [7.53]. This bulk strain field effect on the bulk austenite lattice 

can also impact the solute diffusivities [7.54].  

An understanding of the microstructural changes that occur in AGR ex-service 

316H steel that has been exposed to simulated AGR primary gas coolant has been 

established. This is important for structural integrity assessments, because the changes 

in the surface and near- surface microstructure from exposure to primary gas coolant 

can impact on the creep and crack initiation behaviour of 316H stainless steels in plant. 

Carburisation in ex-service 316H and 304 steels has been observed at varying depths of 

between 200 - 800 µm depending on local environmental conditions, surface finish, 

steel chemistry and microstructures [7.4]. In order to obtain austenitic stainless steel 

material carburised to a depth of 200 µm for subsequent mechanical property 

evaluation, 316H steel would need to undergo pre-conditioning in an autoclave at 

600 °C for ~ 6000 h. An equivalent carburised depth at 550 °C could only realistically 

be achieved on ‘Low Mn’ steel after approximately 11 years of pre-conditioning. 

However, oxide spallation or cracking would increase the carburisation rate, 

characterised by a change in the carburisation kinetics as observed in this work (see 

Figure 7.12). To authors’ knowledge, no such long-term carburisation data is currently 

in open literature.  

7.5 Conclusions 

Two ex-service 316H stainless steels differing in the Mn content and in the average 

austenite grain size have been exposed to simulated AGR primary gas coolant at 550 

and 600 °C for maximum times of 8000 h and 3000 h respectively. The kinetics of 

magnetite/spinel formation are significantly accelerated at the higher temperature in 
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both materials. At 550 °C, the ‘High Mn’ steel, presenting the lower austenite grain 

size, requires greater than 2000 h for the initial protective chromia layer to spall and the 

duplex oxide layer to form with surface coverage increasing with time. In contrast, 

‘Low Mn’ steel attains ~ 85% duplex oxide coverage after only 1000 h at that 

temperature. The appearance of the porous duplex oxide triggers development of the 

inner carburised layer in both materials and test temperatures. Carburisation kinetics are 

four times slower in ‘High Mn’ steel at 550 °C when compared to that observed in 

‘Low Mn’ steel. The differences in oxidation and carburisation behaviour between both 

steels are significantly reduced when increasing the test temperature to 600 °C. In 

addition, cracking of the duplex oxide accelerates the carburisation kinetics in both 

materials at 550 °C. Only 0.02 wt.% C is accommodated in the austenite lattice in the 

inner carburised layer. The excess C precipitates out of the matrix in the form of M23C6 

carbide precipitates, formed both at grain boundaries and inside the austenite grains. 

The value of the activation energy was derived for both steels using the apparent 

temperature-dependent parabolic kinetic constants which were determined from 

material that had incomplete oxide coverage. Whilst further pre-conditioning will lead 

to both materials presenting full oxide coverage, which will influence the overall 

oxidation and carburisation kinetics, the activation energy estimations presented in this 

investigation show the diffusion of substitutional solutes as the rate-limiting mechanism 

of the process irrespective of the kinetics model used. The projected parabolic behaviour 

to longer times reveals that approximately 6000 h of pre-conditioning by a simulated 

AGR gas environment would be required at 600 °C, to attain a carburisation depth of 

200 µm similar to those depths observed in carburised AGR Type 300 austenitic 

stainless steels. 
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Preface 

This chapter focuses on the creep performance of the two pipe materials which 

were pre-carburised at 550 and 600 °C. All co-authors contributed to the 

conceptualisation of the work reported in this chapter. The creep specimens were pre-

conditioned in the autoclave adjacent to the coupons as described in the Chapter 7. Jack 

Eaton-Mckay organised the manufacture and pre-conditioning of the creep specimens. 

All mechanical creep tests (25-off) were performed by Jack Eaton-Mckay unless 

referenced. The main author also carried out the microstructural characterisation of the 

tested creep specimens at the University of Manchester. Data collection and analysis of 

the experimental data was carried out by Jack Eaton-Mckay, in discussion with Enrique 

Jimenez-Melero and Kun Yan. The manuscript, which this chapter is based from, was 

prepared by Jack Eaton-Mckay, in discussion with Enrique Jimenez-Melero, Kun Yan 

and Mark Callaghan and has been published in the Journal of Nuclear Materials: 

DOI: https://doi.org/10.1016/j.jnucmat.2021.153329 
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Abstract 

The creep behaviour of two ex-service type 316H austenitic stainless steel casts 

with different Mn contents and austenite grain size, that were pre-carburised for either 

8000 h at 550 °C or 3000 h at 600 °C in simulated CO2-rich gas environment of UK 

Advanced Gas-cooled Reactors, was evaluated by uniaxial creep testing at 550 °C in 

air. The low Mn (0.98 wt.%) steel grade with an average austenite grain size of 

142 ±	110 µm presents a higher creep deformation rate and creep ductility compared to 

the high Mn (1.52 wt.%) steel cast with an austenite grain size of 81 ±	67µm. Below an 

applied stress of 318 MPa, the presence of the near-surface carburised layer reduces the 

minimum creep rate, likely due to the significantly modified material properties of the 

carburised layer and the presence of local compressive stresses. The stress exponent 

determined for the high Mn steel carburised at 600 °C (n = 9.6), and its reference non-

carburised microstructure (n = 9.8), identifies the dominant creep mechanism to be 

dislocation climb and glide. However, crack evolution through M23C6-decorated grain 

boundaries within the carburised layer was observed in all the tested materials 

conditions at creep strains of 0.50%. The average crack length increases with creep 

strain and attains values close to the carburised layer thickness at creep strains of 

e	³	1.00%. The prevalence and size of cracking increases with local surface hardness 

and carburised layer depth. At applied stresses s	³	318 MPa, cracking on-loading prior 

to forward creep occurs in the carburised layer, leading to a sharp increase in minimum 

creep rates of carburised specimens. These results demonstrate the impact a relatively 
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thin layer of modified material can have on the materials creep performance 

emphasising the requirement to consider the effects of the service environment in 

structural assessment procedures, particularly for high temperature applications 

including Generation IV and advanced modular reactor designs.  

8.1 Introduction 

A large number of structural and boiler components used in the UK’s Advanced 

Gas-cooled Reactors (AGRs) are made from austenitic stainless steel type 316H, due to 

its good water corrosion resistance and high-temperature creep strength [8.1]. The 

superheater and reheater sections typically operate at approximately 460-620 °C [8.2]. 

These sections are exposed to high purity water/steam in their internal surface at 

pressures of 2465 psi (i.e. 17 MPa) and CO2 primary gas-coolant on the external 

surface. The CO2 from the reactor core is at typical pressures of 600 psi (i.e. 4.14 MPa) 

and contains minor additions of CO, CH4, H2O, and H2, herein referred to as AGR 

primary gas coolant. The environmental degradation of these boiler components causes 

simultaneous external surface oxidation and near-surface carburisation (possessing both 

inter and intra-granularly carbides), and those time-dependant (near-)surface processes 

will impact creep ductility and crack initiation under creep and creep-fatigue 

conditions [8.2, 8.3]. Tolerance to creep deformation becomes a life limiting factor for 

many structural components in high-temperature nuclear power plants [8.4]. The effects 

of a carburised layer on 316H austenitic stainless steel have now been accounted for in 

the R5 assessment procedure [8.5]. Such environmental effects are not explicitly 

accounted for within any international design codes. Therefore, understanding the 

impact of carburisation on the creep behaviour of 316H steel is crucial, to aid both the 



Chapter 8: Creep performance of carburised 316H stainless steel at 550  C 

   253 

accuracy and level of conservatism in assessments of component remnant life [8.2, 8.3] 

and design codes.  

Experimental creep studies of non-carburised austenitic stainless steels are usually 

based on short-term tests under relatively high mechanical stresses and 

temperatures [8.6, 8.7]. Empirical equations describing the main creep deformation 

mechanisms are applied to the minimum creep rates from those studies [8.8]. The creep 

behaviour at lower stress and temperature conditions that are more representative of 

steels operating in plant can be evaluated by applying the constitutive equations and 

extrapolating the creep responses from the shorter creep tests [8.6, 8.7]. Inter- or 

intragranular diffusion creep is typically a dominant creep mechanism up to 90-

100 MPa at 550 °C in austenitic stainless steels [8.9, 8.10]. At higher temperatures 

and/or stresses, dislocation glide and climb creep (i.e. power-law creep) is the main 

deformation mechanism [8.9, 8.10, 8.11]. A novel physical based deformation model 

has been proposed that incorporates the competing mechanisms responsible for the 

observed creep response [8.12]. The model has been applied to evaluate the change in 

creep properties with the evolution of the microstructural state of solution annealed 

316H stainless steel [8.12]. Moreover, thermal ageing of plastically deformed 

specimens at 550 °C prior to creep testing induces carbide precipitation close to 

dislocation cores [8.13-8.16]. The number density, average size and spacing of intra-

granular carbides, are reported to influence the high-temperature dislocation dynamics 

in austenitic stainless steels during creep [8.11]. Additionally, the creep ductility of 316 

steel is also impacted by intergranular precipitation occurring during creep testing 

itself [8.17]. Higher creep ductility values are usually observed at shorter testing times, 

but the ductility reduces at lower stresses with longer testing times (that are generally 

of more relevance to components operating in plant). The change in creep ductility 
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occurs gradually, becoming ever smaller with increasing testing duration (i.e. also can 

be viewed as decreasing average creep strain rate such as that presented by 

Spindler [8.18] and discussed in Section 5.1.2.4). For instance, an annealed 316L(N) 

specimen tested at 550 °C and 380 MPa fractured after 24 h with a creep ductility of 

45.3% whereas> When the same materials was tested at 550 °C and 240 MPa, its creep 

ductility was measured to be 18.0% [8.19]. The reduction in creep ductility within 

increasing testing duration is thought to be associated with the coarsening of 

intergranular carbides, thus reducing the average carbide spacing and providing 

effective stress concentration sites for local damage initiation [8.17, 8.19].  

Only a limited number of studies to date have examined the effect of a near-surface 

carburised layer, that has developed beneath a duplex oxide layer, on the creep response 

of 316H stainless steels. When 316H stainless steel specimens from only a single cast 

were exposed to an AGR primary gas coolant for 3000 h at 600 °C, their subsequent 

creep response at 550 °C and stresses larger than 300 MPa, were characterised by higher 

minimum creep rates and reduced rupture times as compared to equivalent non-

carburised material [8.2, 8.3, 8.20]. This creep behaviour in carburised specimens was 

attributed to embrittlement of carburised grain boundaries and subsequent cracking 

throughout the carburised layer resulting in a loss of load-bearing capacity [8.20]. 

Therefore, it is clear that despite these initial results from a single cast of 316H, the 

effect on the creep behaviour is not understood, when the material possesses small 

differences in both chemical composition and local microstructure in the carburised 

layer, as well as subjecting the material to lower and more relevant applied mechanical 

stresses.  

In this work, the crack development in two pre-carburised plant 316H steels, and 

its correlation with the creep response of those materials up to 1.5 % creep strain, have 
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been assessed. This was examined at a temperature of 550 °C which represents an 

operating temperature of many AGR boiler components, and at which there is a large 

data set of existing material performance data of 316H stainless steel within the nuclear 

industry. 

8.2 Experimental 

8.2.1 Pre-conditioning 

Two ex-service 316H stainless steels were investigated in this study with different 

chemical composition (see Table 8.1) and service histories. The chemical compositions 

were obtained by wet chemical analysis, as discussed in Section 6.1.1. 

Table 8.1. Chemical composition (wt.%) of the two 316H stainless steels under 

investigation. 

The main difference observed in composition was the Mn content. Thus, hereafter 

the steels will be labelled as ‘Low Mn’ (0.98 wt.% Mn) and ‘High Mn’ 

(1.52 wt.% Mn). The grain size was determined using the linear line intercept method 

on Electron Backscattered Diffraction (EBSD) maps [8.21, 8.22]. Further discussion on 

the experimental procedure used to obtain the grain size can be found in Section 6.1.2.  

Both the ‘Low Mn’ and ‘High Mn’ steels were in the form of pipes with a wall 

thickness of 63 mm, which had been in AGR operation within the secondary coolant 

loop at approximately 525 °C for ~ 9´104 h and 1´105 h, respectively, but had not been 

exposed to AGR primary gas coolant.  

Material Cr Ni Mo Mn Si Cu Co C N Nb Ti Fe 
Low Mn 16.91 11.44 2.26 0.98 0.42 0.14 0.14 0.070 0.032 <0.02 <0.02 Bal. 
High Mn 16.55 11.28 2.30 1.52 0.49 0.10 0.09 0.058 0.082 0.06 0.02 Bal. 
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Uniaxial creep specimens possessing a parallel gauge length of 40 mm and a 

diameter of 7 mm (Figure 8.1a), were extracted parallel to the longitudinal direction of 

the ‘as-received’ pipe materials (Figure 8.1b).  

 

Figure 8.1. (a) Creep specimen used in this project which were (b) extracted along 

the longitudinal direction of the pipe, adjacent to coupons, from the two ex-service 

materials at locations as shown in the schematic . (c) The polished coupons and 
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creep specimens were inserted into an autoclave where they were pre-conditioned 

in simulated AGR gas environments (see text).  

The gauge length of the specimens were mechanically ground and polished to 

0.25 µm colloidal silica surface finish (Figure 8.1a) producing a deformation free 

surface with a surface roughness of 0.01 Ra ± 0.002 Ra (see Section 7.2.1 for further 

details on the procedure used to measure the surface roughness). After surface 

preparation, the creep specimens were inserted into an autoclave for pre-conditioning 

carburisation (Figure 8.1c) at either 550 or 600 °C and a pressure of 600 psi (4.14 MPa), 

in simulated AGR primary gas coolant containing 500 vppm H2O, 100 vppm H2, 

300 vppm CH4, and 1 vol.% CO, balanced with CO2. Additionally, mechanically 

ground and polished cylindrical bar coupons, were extracted from the same pipe 

materials and were placed alongside the creep specimens in the autoclave (Figure 8.1c). 

These coupons were removed at selected time intervals, enabling the evaluation of 

surface oxide formation and the development of the near-surface carburised layer as 

reported in Chapter 7. After either 3000 h at 600 °C or 8000 h at 550 °C, the ‘pre-

conditioned’ ‘Low Mn’ and ‘High Mn’ creep specimens were removed from the 

autoclave (Figure 8.2) and tested mechanically .  
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Figure 8.2. (a) – (d) Illustrative optical images of the pre-conditioned cross-section 

of the creep specimens after etching with 10 vol.% Marbles Reagent for 

approximately 20 seconds. The cross-section shows the duplex oxide layer and the 

inner carburised layer produced upon pre-conditioning and prior to creep testing. 

8.2.2 Tensile and creep testing 

The mechanical properties of the pre-conditioned specimens were evaluated by 

tensile and creep testing. However, the focus of this study relates to the understanding 

of creep behaviour and thus the tensile properties have been included as comparative 

data where relevant. The tensile properties were obtained using a strain rate of 0.004%/s 

following BS EN ISO 6892-2:2011 [8.23] on a Zwick screw driven test frame. See 

Section 6.3.1 for more information on the tensile experimental procedure employed.  
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A total of 25 creep specimens were tested to a target engineering creep strain in the 

range of 0.00 - 1.50%. Uniaxial creep testing was carried out in accordance with 

BS EN ISO 204:2009 [8.24] on a standard deadweight beam-loaded test frame. A 

detailed discussion on the creep testing procedure used in this study is presented in 

Section 6.3.2. However, a short summary is presented here. As part of this procedure, 

the duplex oxide layer is discounted from the applied load calculations since the oxide 

readily cracks and spalls off easily during loading. Therefore, it is expected that, from 

an early stage during creep testing, the oxide regions are not load-bearing [8.20, 8.25].  

The minimum creep strain rate of creep tests that have entered the secondary creep 

regime is often regarded as representative of the material’s creep behaviour [8.10, 8.11, 

8.26]. The relationship between the minimum creep rate (𝜀Ḣ) and the applied stress (𝜎) 

at a constant temperature can be represented by the Norton power-law 

relationship [8.26] :  

 𝜀Ḣ = 𝐴𝜎* (8.1) 

where 𝐴 is a constant and 𝑛 denotes the stress exponent. The latter, along with the 

minimum creep rates, have been determined using both experimental data from this 

work and from the literature for this same material.  
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Figure 8.3. (a) – (d) Stereographic images of ‘Low Mn’ creep specimens tested at 

220 MPa and interrupted at various creep strains with the white arrow denoting 

the direction of applied stress. (e) After being interrupted, creep specimens were 

microstructurally examined by removing the middle gauge length section by wire-

EDM.  

Post-mortem stereographic images were taken of all creep specimens using an 

Olympus SZX9 microscope (Figure 8.3a-d). After this, the middle gauge length section 

of the specimen was removed by wire electrical discharge machining (Figure 8.3d), 

mechanically ground, and polished to 0.25 µm colloidal silica surface finish before 

being examined using an optical BX51M microscope and a FEI Quanta 200 scanning 

electron microscope. The mean crack depth in each specimen was determined by 

averaging all measured cracks across two representative sections of the gauge length 

totalling 20 mm. Additionally, the maximum crack depth observed across the whole 

specimen gauge length was recorded and compared to the average carburised layer 

depth.  
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8.3 Results 

8.3.1 Material pre-conditioning 

The main parameters that characterise the as-received microstructure of both steels 

are shown in Table 8.2 together with the average thickness of the surface oxide and 

near-surface carburised layers, as well as the bulk and peak surface hardness after pre-

conditioning summarised from Chapter 7. This includes the carburised depth which was 

characterised using nano hardness and defined as the location in the microstructure 

where the local hardness value is at 120% of the bulk hardness, as described in 

Section 7.3.3.  
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Representative cross-sectional optical images of the pre-conditioned 

microstructures prior to creep testing are presented in Figure 8.4 A detailed discussion 

on the mechanisms of oxidation and carburisation of type 316H stainless steels exposed 

to a AGR primary gas coolant environment is provided in Chapter 7. 

 

Figure 8.4. (a) – (d) Illustrative optical images of the pre-conditioned cross-section 

of the creep specimens prior to being mechanically tested after etching with 

10 vol.% Marbles Reagent for approximately 20 seconds. The cross-section shows 

the duplex oxide layer and the inner carburised layer with pronounced grain 

boundary decoration indicating significant carburisation at regions closer to the 

oxide layer.   
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8.3.2 Mechanical response upon tensile loading 

The strain-on-loading behaviour at 550 °C prior to forward creep deformation for 

all specimens of this study is presented in Figure 8.5, alongside the conventional tensile 

behaviour of the as-received and the preconditioned 3000 h 600 °C microstructures of 

each steel. The representative mechanical parameters are collected in Table 8.3. The 

550 °C tensile response of the as-received ‘Low Mn’ and ‘High Mn’ steels are shown 

in Figure 8.6 and appear to be equivalent within the experimental uncertainty up to 

280 MPa and 5 % plastic strain. Furthermore, the values of Young’s modulus (E) and 

0.2% proof stress (Rp0.2) are presented in Table 8.2. As can be seen in Table 8.2, similar 

values for both materials were observed, producing average values of E = 144 GPa and 

Rp0.2 = 185 MPa.  

 

Figure 8.5. The engineering strain-on-loading response of Low Mn steel and High 

Mn steel after preconditioning for either 8000 h at 550 °C or 3000 h at 600 °C, 

presented alongside the tensile response of ‘High Mn’ steel in the as-received and 

3000 h at 600 °C conditions. All mechanical tests were performed at 550 °C. 
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Figure 8.6. Tensile response of both materials in the as-received condition at 

550 °C. 

When the materials were subjected to the two carburisation pre-conditions, there 

did not appear to be a significant effect of the developed oxide/carburised surface layer 

thickness on Young’s modulus for both steels (Table 8.3). The average experimental 

values for each pre-conditioning gave a range of between E = 135 – 141 GPa and this 

compared well with the as-received properties described. However, there was a 

noticeable change in the 0.2 % proof stress of the material as a result of carburisation 

pre-conditioning. Pre-conditioning for 8000 h at 550 °C leads to an average proof stress 

of Rp0.2 = 174 MPa (‘Low Mn’) and Rp0.2 = 175 MPa (‘High Mn’), whereas the average 

value in both materials after pre-conditioning for 3000 h at 600 °C is Rp0.2 = 208 MPa. 

This increase in proof stress correlates with the higher values of surface layer thickness 

and surface hardness after the 600 °C pre-conditioning when compared to 

550 °C (see Table 8.2).  

Figure 8.7 shows the cross-sectional view of two ‘High Mn’ specimens pre-

conditioned for 3000 h at 600 °C, that were loaded up to a stress of s = 260 and 

320 MPa respectively at 550 °C; then immediately unloaded after reaching target stress 

(to ensure no forward creep occurred), after which the tests (and specimens) were 
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cooled down to room temperature. These results reveal that upon loading up to a stress 

of s = 260 MPa and prior to creep testing, there was cracking in the duplex oxide layer. 

Significantly more cracking and spallation of the outermost spinel oxide layer was 

observed when the specimen is loaded up to the higher stress of s = 320 MPa. In 

contrast, no cracking was observed within the near-surface carburised layer up to a 

stress of s = 260 MPa prior to forward creep deformation, whilst cracking was detected 

when loaded up to the higher stress of s = 320 MPa (Figure 8.7e).  

For specimens which had been exposed to forward creep, an average of 48 cracks 

was observed across each specimen from both ‘Low Mn’ and High Mn’ materials with 

a minimum of 5 cracks observed in the ‘High Mn’ specimen pre-conditioned for 3000 h 

at 600 °C and tested at the lowest stress of s = 200 MPa. Apart from that specimen, the 

minimum number of cracks measured from the remaining specimens from both 

materials in the region of interest was 23. 
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Figure 8.7. Illustrative SEM and optical images of 'High Mn' steel pre-conditioned 

for 3000 h at 600 °C ;then (a) – (d) loaded up to 260 MPa (this work); (e) loaded 

up to 320 MPa (adapted from ref. [8.27]) at 550 °C, then subsequently unloaded 

before creep testing and cooled down to room temperature.  
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8.3.3 Creep behaviour 

The two ‘as-received’ materials present significant differences in their creep 

behaviour, with ‘Low Mn’ steel having a higher creep deformation rate and creep 

ductility compared to ‘High Mn’ steel, see Figure 8.8 at 550 °C under an applied stress 

of s = 280 MPa.  

 

Figure 8.8. Creep response of both materials in the as-received condition at 550 °C 

and an applied stress of 280 MPa taken to specimen fracture.  

When considering the effect of the near-surface carburised layer on forward creep, 

the creep strain response for ‘Low Mn’ and ‘High Mn’ steels in the 8000 h at 550 °C 

and 3000 h at 600 °C conditions performed at 200, 220, 240, 260 MPa and 550 °C are 

presented in Figure 8.9, together with the creep response for two ‘High Mn’ as-received 

creep specimens performed at the same temperature and 240 MPa for comparison.  
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Figure 8.9. Creep strain response of the as-received and pre-conditioned specimens 

that were tested at 550 °C under an applied engineering stress of 

s  = 200, 220 240 or 260 MPa. These were interrupted at either 0.19, 0.50, 0.75, 

1.00, and 1.50 % engineering creep strain, as detailed in Table 8.3, apart from one 

specimen in (a) which is still on test as indicated by the arrow and one specimen in 

the as-received condition in (e) which was taken to failure. 
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When considering the creep deformation behaviour when a stress of s = 220 MPa 

is applied, there is variability in the creep responses for ‘Low Mn’ for both carburising 

pre-conditions (Figure 8.9b). This compares to limited variability in the creep strain 

response of ‘Low Mn’ steel between the 8000 h at 550 °C or 3000 h at 600 °C pre-

conditioned surfaces performed at s = 240 MPa (Figure 8.9d). However, for ‘High Mn’ 

steel, the two carburised conditions and the as-received microstructure, at an applied 

stress of s = 240 MPa, present differing creep deformation behaviour (Figure 8.9e). 

Within the primary creep regime, there is a significant increase in creep rate following 

the 3000 h at 600 °C pre-conditioning and a much greater level of creep strain can be 

observed, when compared with the ‘as-received’ material (Figure 8.9e). When 

evaluating the 8000 h at 550 °C condition, there is a clear reduction in primary creep 

rate and level of strain attained, in comparison with both the 3000 h at 600 °C condition 

and as-received material. At this applied stress and at longer test durations when steady-

state creep deformation is reached, the creep rates for the 3000 h 600 °C and 

8000 h at 550 °C conditions were similar and were much lower than the as-received 

material.  
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Table 8.4. Minimum creep rate of the as-received and pre-conditioned 

microstructures of both 316H stainless steels. 

 

 
Material Material 

condition 
Stress 
(MPa) 

Min. creep rate 
(mm/mm/secs) Reference 

Low Mn as-received 280 1.9 × 10-8 This study 
Low Mn 3000 h 600 °C 220 2.3 ×10-10 This study 

  220 2.2 ×10-10 This study 
High Mn as-received 230 1.4 ×10-10 This study 

  240 1.3 ×10-10 This study 
  260 5.4 ×10-10 This study 
  270 6.9 ×10-10 This study 
  320 3.7 ×10-9 [8.27] 
  280 8.1 ×10-10 [8.28] 
  240 1.6 ×10-10 [8.28] 
  320 2.3 ×10-9 [8.28] 
  320 2.7 ×10-9 [8.20] 
  280 6.2 ×10-10 [8.20] 
  320 3.8 ×10-9 [8.27] 
  300 1.4 ×10-9 [8.27] 

High Mn 8000 h 550 °C 240 6.3 ×10-11 This study 
High Mn 3000 h 600 °C 339 6.3 ×10-9 [8.27] 

  318 1.6 ×10-9 [8.28] 
  275 2.7 ×10-10 [8.28] 
  240 8.2 ×10-11 This study 
  220 4.2 ×10-11 This study 
  200 1.7 ×10-11 This study 
  296 6.9 ×10-10 [8.28] 
  339 8.8 ×10-9 [8.20] 
  317 2.4 ×10-9 [8.20] 
  337 9.8 ×10-9 [8.27] 
  318 5.6 ×10-9 [8.28] 
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Figure 8.10. Variation of the minimum creep strain rate with the applied stress, 

and also the values of the stress exponent, ‘𝒏’, obtained from the data fitting (see 

text). The open symbols correspond to creep tests that were interrupted before 

reaching the specimen failure. Includes data from previous studies (see Table 8.4). 

The variation of the measured minimum creep strain rate with applied stress is 

presented in Figure 8.10. For this study, specimens were interrupted prior to failure and 

the minimum creep rates have been obtained from those creep responses that had 

achieved steady-state creep. The minimum creep rates from this work have been 

evaluated alongside the minimum creep rates determined from ‘High Mn’ specimens 

taken to full separation that were reported elsewhere [8.20, 8.27, 8.28]. The stress 

exponent, 𝑛, was determined by performing a data fit to the behaviour described by 

Equation 8.1 for ‘High Mn’ steel only in both the as-received and the 3000 h 600 °C 

conditions. For ‘Low Mn’ steel, the creep deformation behaviour to the target creep 

strains in this study was such that a steady-state creep rate was only achieved at an 

applied stress of 220 MPa as presented in Figure 8.10. The minimum creep rate data for 

the ‘High Mn’ steel, showed a sharp increase at a stress of s = 318 MPa. Below that 

critical stress, the data fit yields a value of n ~ 9.6, which is similar to the n value of 
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~ 9.8 for the as-received material. A step change in minimum creep rate is observed at 

318 MPa and as such, only the top data point at 318 MPa was chosen to derive the stress 

exponent value for applied stresses above 318 MPa. With the single data point at 

s = 318 MPa, a value of n ~ 5.8 was obtained at stress levels s > 318 MPa. 

Alternatively, a stress exponent can be obtained from all 6 data points at applied stresses 

s > 318 MPa which is presented in Figure 8.11. However, the stress range covered at 

stress levels s > 318 MPa is limited to tests up to 340 MPa, with significant scatter 

observed, so the n values are not reliable.  

 

Figure 8.11. Variation of the minimum creep strain rate with the applied stress as 

presented in Figure 8.10 however, the stress exponent, ‘n’, for data ≥ 318 MPa is 

obtained from all data points.  
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Figure 8.12

 

Figure 8.12. Illustrative un-etched cross-sectional optical images of ‘Low Mn’ 

steel, with a prior pre-conditioning at either 550 °C for 8000 h or at 600 °C for 

3000 h, as a function of engineering creep strain at 550 °C under an applied stress 

of s = 220 MPa. The cross sectional view of the specimens evidences the 

occurrence of near-surface cracking as creep strain increases during the test. 

Representative un-etched cross-sectional optical images of pre-conditioned 

‘Low Mn’ steel prior to mechanical testing and at increasing creep strain levels for an 

applied stress of s = 220 MPa are presented in Figure 8.12. The occurrence of cracks 

can be observed in the carburised layer of specimens tested to 0.50% creep strain and 

increase in length on average when tested to a higher creep strain. Additionally, 

cracking is more severe on specimens pre-conditioned for 3000 h at 600 °C, as 

compared to those in the 8000 h at 550 °C condition. Similar behaviour is also observed 

in ‘High Mn’ steel with intergranular cracking increasing in length at higher creep 

strains. The parameters describing the crack development for all interrupted creep 

specimens are collated in Table 8.3. The mean crack depth as a function of creep strain 

for both steel grades and pre-conditioning parameters is shown in Figure 8.13. There is 

an overall increasing trend in mean crack depth with creep strain for both materials in 

both pre-conditions. In ‘Low Mn’ steel pre-conditioned for 8000 h at 550 °C, the mean 
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crack depth remains below the average carburised layer thickness, whereas in the 

3000 h at 600 °C condition, the mean crack depth attains values close to the mean 

carburised layer thickness at creep strains of greater than or equal to 1.00%. In contrast, 

in ‘High Mn’ steel after 8000 h at 550 °C pre-conditioning, the mean crack depth is 

close to the average carburised depth after 0.50% creep strain but shows relatively little 

variation with creep strain.  

 

Figure 8.13. Mean crack depth as a function of engineering creep strain for both 

steels and pre-conditioning parameters. The standard deviation of the mean crack 

depth is ~ 50 % of the calculated value (see Table 8.3). The dash horizontal line 

indicates the mean carburised layer thickness prior to creep testing.  

Furthermore, there is also a clear increasing trend in maximum crack depth with 

creep strain, see Figure 8.14. In most cases, a creep strain of only 0.50% suffices to 

induce a maximum crack size close to, or even larger than the average carburised layer 

thickness. In addition to this, the relation between mean crack depth and carburised 

depth was also examined in Figure 8.15, for both materials and pre-conditioned states 

at four increasing creep strain levels. At creep strains of 0.75 % or below, the average 
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crack depth values were observed to be below the mean carburised depth. However, as 

creep deformation proceeded to creep strains of 1.00 % and above, the average crack 

depth reached values close or above the mean carburised depth. 

 

Figure 8.14. Maximum crack depth as a function of engineering creep strain for 

both steels and pre-conditioning parameters. The dash horizontal line indicates 

the mean carburised layer thickness prior to creep testing. 
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Figure 8.15. Mean crack size vs. carburised depth at four increasing engineering 

creep strain levels. The graphs contain data from both steels and pre-conditioning 

conditions. The dash line denotes mean crack depth values equal to the carburised 

depth.  

8.4 Discussion 

8.4.1 Pre-conditioned microstructure 

The presence of surface duplex oxide and near-surface carburised layers was 

observed on both materials when exposed to simulated AGR primary gas coolant at 

either 550 or 600 °C, as discussed in Chapter 7. The two different pre-conditioning 

temperatures and steels possessed different carburised layer depths (defined by nano 

hardness measurements), and contained intra- and inter-granular M23C6 carbide 

precipitation (see Figure 7.13 on page 228) with varying degrees of severity (see Figure 

7.12 on page 225). 
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The development of duplex oxide and carburised layers occurs after the spallation 

of a thin chromia film (Cr2O3) that initially protects the steel from further corrosive 

attack. The formation of this film is controlled by the availability of Cr at the surface. 

Through repeated spallation and re-formation of the film due local stresses, thermal 

cycling, creep or fatigue, the local surface Cr concentration can decrease [8.29]. 

Therefore, alloy composition and local surface properties can influence the formation 

of the chromia film. Compared to polished deformation free surfaces, strained or work 

hardened surfaces can provide a greater density of high-diffusivity pathways through 

which Cr can migrate to the surface facilitating the re-formation of the chromia 

film [8.30]. The increased availability of Cr at the surface maintains the ability of the 

chromia film to protect the underlying metal for increased durations and thus delaying 

the development of duplex oxide and carburised layers.  

8.4.2 Mechanical behaviour upon loading 

In the as-received condition, the two materials show relatively small variations in 

the tensile behaviour at 550 °C up to 280 MPa (Figure 8.6). Specimens pre-conditioned 

at 550 °C behave similarly to the as-received specimens under applied tensile 

deformation at that temperature (Figure 8.5), despite the pre-existence of the duplex 

oxide and especially the near-surface carburised layer. In contrast, those specimens pre-

conditioned at 600 °C for both materials present a significant increase in 0.2% proof 

stress at 550 °C (i.e. Rp0.2 = 208 MPa see Table 8.3), as compared to the value of the as-

received material of Rp0.2 = 185 MPa (Table 8.2), and thereafter a somewhat lower 

work-hardening rate. This correlates with the fact that carburisation is more severe in 

the 3000 h at 600 °C condition compared to the 8000 h at 550 °C condition, and with 

the carburised layer being deeper and having a higher surface hardness for both 
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materials pre-conditioned at 600 °C (Table 8.2). In order to represent this observation, 

a schematic is presented in Figure 8.16, showing the effect of the pre-conditioning at 

both temperatures on the thickness (tc) of the outer carburised layer of specimens; 

furthermore, this effect on both the tensile and creep properties of the material in 

comparison with the as-received material is shown schematically. The tensile properties 

of mainly the carburised layer have been recently determined by mechanical testing of 

‘hollowed’ cylindrical ‘High Mn’ steel specimens pre-conditioned for 

3000 h at 600 °C [8.25]. The hollowing of specimens enabled the reduction in the 

volume ratio of bulk material to carburised material and this testing determined the 

0.2% proof stress of only the carburised layer to be Rp0.2 = 516 MPa at 550 °C. The 

increase in 0.2% proof stress of the carburised material compared to the bulk as-

received microstructure of 185 MPa shows the 0.2% proof stress is larger with 

increasing volume of carburised material. This suggests that the subsurface formation 

of carbides during pre-conditioning effectively hinders the dislocation motion in plastic 

flow during monotonic tensile loading.  
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Figure 8.16. Schematic showing the effect of the thickness of the outer carburised 

layer of specimens on mechanical properties from pre-conditioning (a) for 8000 h 

at 550 °C; and (b) for 3000 h at 600 °C compared to the as-received condition for 

‘High Mn’ steel. 

8.4.3 Creep performance 

When considering creep performance, the two ‘as-received’ materials present 

vastly different creep deformation rates (Figure 8.8). ‘Low Mn’ steel is the softest of 

the two materials with a higher creep deformation rate, and creep ductility that is four 

times larger than in the case of ‘High Mn’ steel. No studies exist that have identified 

why there is a difference in creep behaviour between the two materials examined in this 

project. However, it is postulated that the cause is due to the ‘High Mn’ steel possessing 

a smaller austenite grain size, higher Mn content and, potentially, a larger density of 

dislocations as compared to the ‘Low Mn’ steel. ‘High Mn’ exhibits low creep ductility 

and the dislocation interaction with other dislocations and/or inclusions reduces the 
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creep deformation rate enhancing damage accumulation at grain boundaries which 

ultimately leads to premature fracture (see Section 5.1.2).  

The pronounced primary creep rate observed in ‘High Mn’ material pre-

conditioned for 3000 h at 600 °C (Figure 8.16) has been suggested to be as a result of 

the increase in tensile strength [8.3]. This increase is solely because of the significantly 

modified carburised layer microstructure with the inner non-carburised bulk possessing 

similar tensile properties to the as-received material. Therefore, on loading the inner 

non-carburised bulk does not attain its usual strain level and has additional work-

hardening capacity. Consequently, stress redistribution within the carburised layer 

combines with the additional work-hardening capacity of the inner non-carburised bulk, 

leading to an increase in primary creep rate. When evaluating the ‘High Mn’ in the 

8000 h at 550 °C condition, the tensile strength is similar to the as-received material 

and the resultant creep deformation does not present a pronounced primary creep rate, 

as compared to the 3000 h at 600 °C condition (Figure 8.16). This is consistent with the 

tensile and creep deformation behaviours being influenced by the interactions of 

load/stress between the carburised layer and inner non-carburised bulk microstructures.  

The value of the stress exponent provides an indication to the dominant 

deformation mechanism operating during creep [8.26]. A stress exponent of n ~ 1.0 

usually indicates diffusion creep to be the principal mechanism, whereas dislocation 

glide and climb is suggested to be the dominant mechanism when the stress exponent 

is n ~ 3-7 [8.31]. A higher stress exponent of n ~ 9.8 obtained for ‘High Mn’ steel in 

the as-received condition still points to dislocation glide and climb as being the primary 

creep deformation mechanism. This result is consistent with other creep testing 

performed at or near to 550 °C and similar applied stresses on non-carburised 316 

stainless steels [8.27, 8.32-8.34].  
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The minimum creep rates with the applied stress range of 200 – 318 MPa for 

‘High Mn’ steel after pre-conditioning for 3000 h at 600 °C, yields a value for the stress 

exponent of n ~ 9.6. This correlates closely with the value of n ~ 9.8 obtained for the 

as-received ‘High Mn’ material. This similarity implies that the presence of the 

carburised layer does not alter the dominant creep deformation mechanism of 

dislocation glide and climb. However, the values of the minimum creep rates in the 

‘High Mn’ steel are consistently lower for the pre-conditioned material as compared to 

the as-received steel. This difference suggests that the thin near-surface carburised layer 

possesses higher creep resistance than the non-carburised bulk structure. Thus, with the 

addition of this carburised layer to the bulk material as a consequence of pre-

conditioning, this material synergy results in an overall impact to global creep 

behaviour, by reducing the rate of deformation. The reduction in creep rate of carburised 

material can be attributed to the presence of carbides which precipitated inter- and intra-

granularly during pre-conditioning (see Figure 7.13d on page 228), significantly 

modifying the local material properties, including increasing the material strength and 

the materials resistance to creep deformation. Additionally, it is worth mentioning that 

near-surface carburisation due to pre-conditioning would induce compressive residual 

stresses as a consequence of C ingress and subsequent carbide precipitation [8.35-8.37]. 

The residual stresses within 316 steel specimens that were carburised at 550 °C for 

500 h through exposure to a gas mixture containing 99 vol.% CO2, 1 vol.% CO and 

300 vppm H2O at atmospheric pressure were measured to be up to 100 MPa in 

magnitude [8.30]. The presence of residual stresses will have an influence on the 

mechanical properties of carburised material, including potentially being beneficial for 

the creep resistance of the tested material [8.35]. 
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The minimum creep rate behaviour shown in Figure 8.10 for the pre-conditioned 

‘High Mn’ material, clearly shows a sharp increase in minimum creep rate at an applied 

stress of s = 318 MPa. The results from previous works in this higher-stress region 

revealed that crack formation occurred in the carburised layer upon loading to the 

desired test stress [8.25, 8.27]. Such cracking phenomenon reduces the load-bearing 

area of the material and consequently increases the stress in the remaining material. This 

ultimately leads to an increase in the measured creep rate for that particular engineering 

stress and a reduction in the time to failure compared to the as-received material 

condition [8.20]. 

Long term exposure of austenitic stainless steels at high temperature service 

temperature such as those in AGRs can have a detrimental influence on the materials 

creep resistance [8.17, 8.38, 8.39]. It has been shown the creep rates of thermally aged 

specimens to be faster than comparative solution annealed specimens [8.38]. Moreover, 

the creep ductility reduces when testing at lower stresses with longer testing durations, 

when compared to shorter tests conducted at higher stresses [8.17]. The decline in creep 

properties has been suggested to occur as a result of the recovery in the dislocation 

structure and coarsening of the second phases including ferrite and M23C6 [8.39]. The 

formation of second phases promotes the nucleation of creep cavities due to the higher 

local stresses on the phase boundaries [8.40, 8.41]. The creep cavities eventually 

coalesce to form micro-cracks reducing the load bearing area leading to failure [8.6]. A 

study investigated the thermal ageing effect from pre-conditioning for 3000 h at 600 °C 

and showed no change in creep properties [8.28].  

Even though cracking beyond the oxide layer was not observed upon loading the 

specimens to the target stress in the lower stress region of this experimental study, 

namely s £ 260 MPa, inter-granular cracking within the carburised layer was detected 
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on all creep strained pre-conditioned specimens. The mean and maximum crack sizes 

for each tested specimen are collected in Figure 8.13 and  Figure 8.14, respectively. The 

cracking data show a clear increase in crack depth with the creep strain for both 

materials and pre-conditions. Deeper cracks were observed on specimens that were on 

test for the longest duration and which had attained the higher creep strains, i.e. the 

average and maximum crack depth was observed to be 11% and 13% deeper 

respectively in ‘Low Mn’ steel under an applied load of s = 220 MPa, when compared 

to specimens under a higher applied stress of s = 240 MPa. At 240 MPa, the creep 

deformation behaviour of ‘Low Mn’ steel was such that the target creep strains were 

reached eight times faster than when applying the lower stress of s = 220 MPa. 

Similarly, the average and maximum observed crack depth was observed to be 21% and 

57% deeper respectively, in ‘High Mn’ steel (t = 19118 h) compared to ‘Low Mn’ 

steel (t = 1674 h), when testing the same pre-condition, applied stress of s = 240 MPa 

and the same level of creep strain attained at 1.50%. The lower minimum creep rate and 

creep ductility in the ‘High Mn’ steel compared to the ‘Low Mn’ steel observed in the 

as-received conditions (Figure 8.8) contributes to the increased severity of cracking at 

longer testing durations. Additionally, specimens with a deeper carburised layer and 

higher surface hardness, i.e. pre-conditioned for 3000 h at 600 °C, were found to present 

cracking to a greater depth. The examination by Warren et al. [8.42] of ex-service type 

316H stainless steel pipework, which had been removed from the AGR primary coolant 

loop and therefore exposed to the AGR primary gas coolant, exhibited extensive 

carburisation and cracking of embrittled carburised grain boundaries. Extensive 

characterisation of the microstructure ahead of the intergranular crack tip revealed 

enhanced carbide precipitation and extensive Cr-depletion, when compared to regions 

at an equal depth from the surface of the steel but away from the crack tip. This suggests 
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that in plant conditions, open voids such as surface cracks, provide pathways through 

which C migrates into the bulk microstructure and therefore enhance carburisation in 

those regions [8.42].  

 The relationship between the mean crack depth and carburised layer depth is 

presented in Figure 8.15 and shows at creep strains greater than or equal to 1.00% the 

average crack depth reached values close to the carburised depth, as defined as the 

location in the microstructure where the local hardness value is at 120% of the bulk 

hardness. However, a relatively small creep strain of 0.50% suffices to generate cracks 

to a length similar in magnitude to the average carburised thickness in most tested 

microstructures. This implies that cracking in pre-carburised steels is significant in the 

early stages of creep deformation and, despite not altering the main creep deformation 

mechanisms during secondary creep, their associated impact on the material’s creep 

performance needs to be incorporated in current creep deformation models and 

structural assessment procedures of 316H steels in AGR-relevant environments. This 

shows the significance a relatively thin layer of modified material can have on the creep 

response. Therefore, creep-environmental interaction must be a consideration for high 

temperature applications, including future Generation IV and advanced modular 

reactors systems, which may utilise other gaseous environments, liquid metals or 

molten salts as primary coolants.  

8.5 Conclusions 

The creep behaviour at 550 °C of two ex-service type 316H stainless steels that 

were previously exposed at either 550 and 600 °C to simulated CO2 primary gas-coolant 

of AGRs, so as to induce different degrees of surface oxidation and near-surface 

carburisation has been assessed. Creep of both as-received and carburised specimens 
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occurs primarily via a dislocation glide and climb creep mechanism. However, at 

applied stresses s ³ 318 MPa, cracks are detected in the carburised layer upon loading 

to the target stress and prior to forward creep. Consequently, the load-bearing area of 

the carburised creep specimens is reduced, leading to an increase in the minimum creep 

rates. At lower stress levels, the minimum creep rate in the carburised specimens was 

reduced when compared to the as-received materials. This is due to the significantly 

modified material properties of the carburised layer in comparison to the bulk. A 

significant population of subsurface cracks form and propagate through carburised grain 

boundaries with increasing creep strain. A creep strain of 0.50 % generates a number of 

cracks as deep as the average carburised layer depth in the tested materials and pre-

conditioning states. The average crack length reaches values close to or above the 

average carburised layer at strains ³ 1.00 % in all creep tested specimens. These results 

show the need to consider creep-environmental interactions in structural assessment 

procedures for other high temperature applications.  
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Preface 

This chapter focuses on the creep activated deformation phenomena within the 

carburised layer of pre-carburised materials. All co-authors contributed to the 

conceptualisation of the work reported in this chapter. The pre-conditioning and creep 

testing were performed by Jack Eaton-Mckay as outlined in Chapters 7 and 8. Jack 

Eaton-Mckay also carried out the microstructural characterisation of the tested creep 

specimens at the University of Manchester. Data collection and analysis of the 

experimental data was carried out by Jack Eaton-Mckay, in discussion with Enrique 

Jimenez-Melero and Kun Yan. The manuscript, which this chapter is based from, was 

prepared by Jack Eaton-Mckay, in discussion with Enrique Jimenez-Melero, Kun Yan 

and Mark Callaghan and has been published in the Journal of Materials Science and 

Engineering A. 
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Abstract 

The local creep-induced phenomena occurring within the near-surface carburised 

layer in two pre-carburised type 316H austenitic stainless steels, containing 0.98 or 1.52 

wt.% Mn, were assessed at 550 °C. The pre-carburisation exposed both steel grades at 

either 550 °C (8000 h) or 600 °C (3000 h) to simulated CO2-rich gas environment of 

UK Advanced Gas-cooled Reactors. The local properties within the carburised layer 

cause a reduction in minimum creep rate as compared to the non-carburised condition. 

In both steels carburised at 600 °C, ferrite is observed to form in the most heavily 

carburised regions, including slip bands, during the initial plastic deformation to the 

target applied stress. The ferrite area fraction further increases with creep strain. Within 

the ferritic areas, new fine grains are observed in the creep tested specimens and the 

fraction of high angle grain boundaries is in excess of 60%. Those fine grains have a 

lower degree of lattice strain compared to the surrounding ferrite area and especially to 

the austenite matrix. The lattice strain localises within the carburised layer. Ferrite 

formation from the strained austenite, and potentially a dynamic recrystallisation within 

the ferrite regions, points to a dominant strain relief-driven mechanism. The lattice 

strain localises primarily in the pre-carburised austenite grains and its carbide-decorated 

boundaries, inducing the continuous formation and refinement of ferrite grains, and the 

development of intergranular cracks that evolve further into the bulk structure. These 

results emphasise the necessity to account for environmental-creep interactions at 

elevated temperatures in structural assessment procedures, in the current gas-cooled 
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fission reactor fleet and beyond into (very) high-temperature Gen IV and advanced 

modular reactor designs.  

9.1 Introduction 

Austenitic stainless steel type 316H is widely used in the manufacture of structural 

components for high-temperature applications such as nuclear power stations, due to its 

good water corrosion resistance and high-temperature creep strength [9.1]. This 

includes the boiler sections of the UK’s Advanced Gas Cooled Reactors (AGR’s). The 

inside surface of the boiler tubes is exposed to high purity water/steam at a pressure of 

170 bar (17 MPa). The external surfaces are exposed to CO2 primary gas-coolant 

coming from the reactor core and containing small additions of CO, CH4, H2O, and H2, 

herein referred to as ‘AGR primary gas coolant’. Due to the combination of exposure 

to AGR primary gas coolant at a gas pressure of 450 – 600 psi (3.10 – 4.14 MPa) and 

operating temperatures of 460 – 620 °C in the primary coolant loop, progressive 

oxidation and carburisation have been identified in the outer surfaces of steel boiler 

sections [9.2]. Consequently, their service performance and life expectancy can be 

limited by environmentally-induced changes in creep ductility and in resistance against 

crack initiation when subject to thermal creep and creep-fatigue loading [9.2-9.4]. 

Therefore, understanding the relationship between the local carburised microstructure 

and the creep behaviour of the material is essential to develop reliable life performance 

predictions and design procedures of surface carburised steels under thermo-mechanical 

creep loads.  

The creep deformation mechanisms operating within non-carburised austenitic 

stainless steels are normally evaluated by applying the minimum creep rates to 

empirical equations that can then be correlated with creep mechanisms [9.5-9.10]. 
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Creep by intra- or intergranular diffusion usually dominates up to 90 – 100 MPa at 

550 °C [9.9, 9.10]. At higher temperatures and/or mechanical stresses, dislocation glide 

and climb (i.e. power law creep) is the main creep deformation mechanism [9.9-9.11]. 

The dislocation dynamics during creep are controlled by dislocation–dislocation and 

dislocation–carbide interactions [9.9, 9.11, 9.12]. With extended thermal aging, carbide 

precipitation is observed close to dislocation cores in specimens deformed plastically at 

550 °C [9.13-9.16]. Additionally, the formation of dislocation loops around carbide 

particles has been observed on creep tested 316 steel at 600 °C [9.17]. At long creep 

times, intergranular carbides coarsen and also local stress concentrations develop at 

grain boundaries [9.12]. The presence of intergranular carbide precipitates promotes the 

nucleation of creep cavitation at grain boundaries in austenitic stainless steels [9.18, 

9.19]. More recently, the formation of ferrite in regions close to intergranular carbide 

precipitates is reported to promote the nucleation of creep cavities [9.20-9.22]. Cracks 

develop as a result of cavities coalescing and that coalescence eventually leads to a 

critical failure condition being attained [9.5, 9.18, 9.19]. The initiation of cracks is 

sensitive to the spacing and size of creep cavities that coalesce. Cavitation is dependent 

on the spacing and size of intergranular precipitates, in addition to the size and local 

strain within the new ferrite grains [9.18, 9.19]. Therefore, reduction in creep ductility 

observed at longer testing times has been correlated with the precipitate (and ferrite) 

size/spacing [9.18, 9.19].  

Creep specimens of 316H steel, pre-carburised by exposure to AGR primary gas 

coolant at 600 °C, showed the presence of a duplex magnetite/spinel oxide and near-

surface carburised layers [9.23]. The development of the carburised layer at the lower 

temperature of 550 °C depends on the Mn content of the steel cast and consequently on 

the austenite grain size and the stability of this initial chromia layer (the reader is 
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referred to Chapter 7 for more information on mechanisms of simultaneous oxidation 

and carburisation of 316H stainless in a AGR reactor environment). At 600 °C 

carburisation is more severe, and differences in steel chemistry and local microstructure 

affect the progression in carburisation to a lesser degree (see Figure 7.12 on page 225). 

The creep behaviour at 550 °C and at high mechanical stresses (greater than 320 MPa) 

in specimens pre-carburised at 600 °C was generally attributed to the embrittlement of 

carburised grain boundaries leading to cracking in the carburised layer upon hot loading 

to the target stress and prior to creep testing [9.23]. As a result of cracking, the cross-

sectional area of the specimens was reduced, and consequently an increase in the 

minimum creep rates was observed [9.23]. 

The creep behaviour of two casts of 316H steel differing in Mn content pre-

carburised at 600 °C and additionally at 550 °C was investigated and reported in 

Chapter 8; however, a short summary is presented here. The test conditions considered 

in that study were at lower stresses (200 – 260 MPa), which are more relevant to plant 

conditions, and a temperature of 550 °C. The minimum creep rates were significantly 

influenced at these lower stresses by the modified material properties of the carburised 

layer, and cracking of embrittled grain boundaries. The effect on the creep behaviour 

was dependent on the applied stress and pre-carburising temperature. As the majority 

of the volume of a pre-conditioned creep specimen possesses non-carburised bulk 

material, it is believed by the author that the dominant creep mechanism can still be 

determined from the minimum creep rates at the creep temperature-stress combination 

despite other phenomena that may operate within the carburised layer. Examinations of 

microstructures exposed to creep testing conditions were correlated to the embrittlement 

of grain boundaries containing M23C6 carbides and ferrite [9.20-9.22]. However, there 

remains uncertainty regarding the creep-activated deformation phenomena operating 
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within the carburised layer with different local microstructural characteristics, and to 

what extent those phenomena affect the creep response of the material. This work 

assesses the microstructural evolution taking place in the carburised layer of two pre-

carburised ex-service 316H stainless steels, and correlates it to the creep performance 

of the carburised steel  taking into consideration their differing Mn content, thermal 

histories and the microstructure within the carburised layer.  

9.2 Experimental 

9.2.1 Pre-conditioning 

The materials used were two ex-service 316H stainless steel pipes with different 

service histories. Wet chemical analysis was employed to determine the chemical 

compositions of the two materials which are presented in Table 9.1 (more information 

can be found in Section 6.1.1). 

Table 9.1. Chemical composition (wt.%) of the two 316H stainless steels examined 

in this study and identified as ‘Low Mn’ and ‘High Mn’ 

Material Cr Ni Mo Mn Si Cu Co C N Nb Ti Fe 
Low Mn 16.91 11.44 2.26 0.98 0.42 0.14 0.14 0.070 0.032 <0.02 <0.02 Bal. 
High Mn 16.55 11.28 2.30 1.52 0.49 0.10 0.09 0.058 0.082 0.06 0.02 Bal. 

The principal difference in their chemistries was the Mn content and as such, these 

steels are labelled hereafter as ‘Low Mn’ (0.98 wt.%) and ‘High Mn’ (1.52 wt.%). Prior 

to this study, both ‘Low Mn’ and ‘High Mn’ steels were in service within the secondary 

cooling circuit of an AGR having been exposed to ~ 525 °C for ~ 9´104 h and 1´105 h 

respectively. The two materials have not been exposed to AGR primary gas coolant in 

service however, they are representative of the structural steels located within the 

primary cooling circuit [9.2, 9.3] and have previously been discussed in 
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Chapters 7 and 8. The notation of ‘Low Mn’ and ‘High Mn’ for the two materials 

follows on from these two studies.  

The pre-conditioning of uniaxial creep specimens is detailed in Chapter 7, and the 

creep testing of pre-conditioned creep specimens is discussed in Chapter 8. The ‘pre-

conditioned’ creep specimens of both steel casts were removed from the autoclave after 

either 3000 h at 600 °C or 8000 h at 550 °C, and then creep tested in air at 550 °C.   

9.2.2 Microstructural characterisation 

After creep testing, the specimens had their middle gauge length section removed 

by wire electronic discharge machining (EDM) for microstructural examination (Figure 

9.1a). The sectioned gauge lengths were then mechanically ground and polished to 

0.25 µm colloidal silica surface finish, before being examined using light optical and 

scanning electron microscopy (SEM) to evaluate the surface cracking characteristics. 

 

Figure 9.1. (a) Schematic showing the removal (by wire-EDM) of the middle gauge 

length section from an interrupted creep specimen. The sectioned gauge length 
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was then polished to an 0.25 µµ colloidal silica surface finish to be (b) examined 

using SEM EBSD at locations presented in the EBSD schematic. 

The microstructural evolution within the carburised layer under creep was 

characterised post-test using a Tescan Mira3 FEGSEM and a FEI Magellan HR 

FEGSEM, both equipped with Oxford Instrument electron backscattered diffraction 

(EBSD) and energy dispersive spectroscopy (EDS) detectors. Large-area EBSD scans 

were conducted on the Tescan microscope across the edge of each tested creep specimen 

using a 1 µm step size, and the collected EBSD frames were used to compose a montage 

mapping the spinel oxide and carburised layers. The horizontal and vertical field view 

dimensions for each frame were 206 × 156 µm2. Each montage consisted of at least 37 

frames, covering between 7 and 15 mm across the specimen (Figure 9.1b). For a select 

number of creep specimens, large-area EBSD scans were also collected in the non-

carburised bulk microstructure using the same field of view and 1 µ– step size, mapping 

2 – 3 mm2 in area. This was also undertaken for the un-tested as-received material for 

comparison. The grain boundary characteristics were analysed by calculating the length 

fraction of a certain type of boundary relative to the total length of grain boundaries 

detected in a single-phase region using EBSD data. High-angle grain boundaries 

(HAGB)  were regarded as those with a misorientation greater than or equal to 15°, 

whereas those between 5 and 15° were regarded as low-angle grain boundaries 

(LAGB) [9.24, 9.25]. 

A ferrite layer was observed directly below the superficial oxide in all tested creep 

specimens that were pre-conditioned for 3000 h at 600 °C. The mean ferrite depth was 

determined by averaging the measured ferrite depth in the centre of each 206 × 156 µm 

frame and the standard deviation of the average values were then determined from all 

the measurements taken. Additional high-resolution EBSD maps were performed in 
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selected regions of interest with a 0.1 µm step size using the Magellan SEM. All EBSD 

data were analysed using the Oxford Instruments Aztec software, to measure the ferrite 

depth and to produce grain orientation and kernel average misorientation (KAM) maps. 

Recent studies have correlated EBSD parameters and surface strains in [9.26-9.32]. In 

this work, KAM was used to characterise the strain distribution within the 

microstructure, to provide a quantitative evaluation of the local plastic behaviour during 

dislocation slip between regions of the tested creep specimens, including the carburised 

layer and non-carburised bulk microstructures [9.27, 9.30]. Whilst the precise link 

between KAM, strain and defects is still not fully understood [9.28], higher KAM 

values are indicative of an increased local strain and potentially higher dislocation 

densities [9.26, 9.29]. KAM values were derived as the average of the misorientation 

between a pixel and its neighbouring pixels in a 5 ´ 5 array. A grain boundary was 

defined when the misorientation was greater than or equal to 5° [9.24, 9.25].  

In addition, site-specific transmission electron microscopy (TEM) samples were 

prepared using a ThermoFisher FEI Helios 660 Focused Ion Beam (FIB) microscope. 

A thin protective platinum layer was first deposited at the region of interest (i.e. 

2 ´ 20 µm2) before ion milling was conducted using beam conditions of 30 kV and 

3 nA. The resultant lamella was removed using an EasyLift EX probe and fixed to an 

Omniprobe copper grid. Progressively lower probe currents were used as the lamella 

was thinned down to approximately 100 nm thickness, culminating in the last polish 

step using 30 kV and 80 pA and a final cleaning at 2 kV and 27 pA. TEM samples were 

examined using a ThermoFisher FEI G2 20 TEM equipped with a Gatan CCD camera 

and a LaB6 electron source operating at an acceleration voltage of 200 kV.  
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9.3 Results 

9.3.1 Material pre-conditioning 

The main parameters that describe the as-received microstructure are collected in 

Table 8.2 (page 263), together with the average thickness of the surface oxide and near-

surface carburised layers after pre-conditioning, and the bulk and peak surface hardness, 

summarised from Chapter 7.  

Figure 9.2 presents pre-conditioned creep specimens before mechanical testing, 

and illustrative cross-sectional optical images of the pre-conditioned microstructures. A 

discussion on the mechanisms of carburisation of type 316H austenitic stainless steel in 

an AGR service environment is given in Chapter 7.  

 

Figure 9.2. Optical images of the pre-conditioned cross-sections of the specimens 

showing the outer duplex (magnetite/spinel) oxide layer and the inner carburised 

layer produced upon pre-conditioning and prior to creep testing alongside pre-
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conditioned creep specimens. Grain boundaries at deeper depths from the oxide-

metal interface show more decoration than the surrounding regions.  

9.3.2 Creep performance 

The tensile, creep deformation curves and crack propagation behaviour for both 

materials and pre-conditioning conditions were detailed in Chapter 8. The specimens 

pre-conditioned for 3000 h at 600 °C have an increased 0.2% proof stress as compared 

to the as-received material as presented in (see Figure 8.16 on page 281). At stress levels 

less than or equal to 318 MPa, the minimum creep rates in the pre-conditioned 

specimens are reduced when compared with the as-received materials as is illustrated 

in Figure 8.16 (page 281). The reduction in minimum creep rate can be attributed to the 

presence of carbides which precipitated during pre-conditioning significantly 

modifying the local material properties. The precipitation of carbides induces 

compressive residual stresses, beneficial for the creep resistance of the material by 

reducing the straining rate during creep (see Section 8.4.3 for more information on the 

presence of residual stresses within the carburised layer). Additionally, it is worth 

mentioning that compressive residual stresses have been previously measured within 

316 steel specimens that were carburised at 550 °C for 500 h through exposure to a gas 

mixture containing 99 vol.% CO2, 1 vol.% CO and 300 vppm H2O at atmospheric 

pressure, which can be found in reference [9.33]. The stress exponent was derived for 

both the as-received (n = 9.8) and pre-conditioned (n = 9.6) materials (see Figure 8.10 

on page 273). During creep testing, intergranular cracks form in the carburised layer. 

Illustrative optical images of cross sectioned specimens that were interrupted at 

increasing creep strains are presented in Figure 8.12 (page 275). At creep strains 

³ 1.00 % in all pre-conditioned creep tested specimens, the average crack length reaches 
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as deep as the average carburised layer depth (see Figure 8.13 and Figure 8.14 on pages 

276 and 277 respectively).  

9.3.3 Microstructural characterisation 

Illustrative EBSD maps for ‘Low Mn’ steel pre-conditioned for 8000 h at 550 °C 

prior to and after creep testing at s = 240 MPa and T = 550 °C up to 1.00% creep strain 

are presented in Figure 9.3. The microstructure of the specimen that has undergone 

creep presents areas of higher local misorientations distributed heterogeneously within 

the carburised layer, especially at triple points in the network of grain boundaries, 

evidencing high strain localisation in those areas of the microstructure (Figure 9.3f). 

This result is in contrast with the untested reference specimen where the strain 

localisation is comparatively less severe in the carburised layer. Furthermore, the 

untested coupon presents higher strain localisation in the duplex oxide which is notably 

reduced in the spinel after forward creep. During hot loading or in the early stages of 

creep testing, the outer magnetite layer spalls off, and it is therefore not present on any 

EBSD maps of pre-conditioned specimens that have undergone mechanical testing at 

550 °C.  
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Exposure to creep, however, does not induce significant changes in the size and 

spatial distribution of the carbide particles within the carburised layer in any of the creep 

specimens; a typical example is shown in the TEM bright field images of ‘Low Mn’ 

steel pre-conditioned for 3000 h at 600 °C in Figure 9.4. 

 

Figure 9.4. TEM bright field images of ‘Low Mn’ steel that has been pre-

conditioned for 3000 h at 600 °C prior to and after creep testing at a stress of 

s = 240 MPa and T = 550 °C, and interrupted at 1.50% creep strain. TEM samples 

have been removed from the carburised layer at 10 µm (a) & (b) and 
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90 µm (c) & (d) from the oxide-metal interface. The location from which the TEM 

samples in (b) & (d) were removed is outlined in Figure 9.8((a).  

EBSD maps for ‘High Mn’ steel pre-conditioned for 3000 h at 600 °C prior to and 

after loading (i.e. ‘hot loading’) to a stress of s = 260 MPa, but prior to the start of creep 

testing (i.e. at 0.00% creep strain), are presented in Figure 9.5.   
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A region of BCC phase, presumed to be ferrite, with elevated local misorientation 

compared to the austenitic bulk microstructure, and also regions of grain refinement, 

were observed in the mechanically loaded specimen directly beneath the oxide and 

within the carburised layer (Figure 9.5d  & h). Kikuchi patterns taken from the ferritic 

and austenitic regions, which would have been one single austenitic grain prior to creep 

testing, are presented in Figure 9.6. The presence of ferrite was not detected in the non-

loaded specimen (Figure 9.5c  & g) and the outer magnetite had spalled off.  

 

Figure 9.6. Kikuchi patterns from ferritic (pink cross) and austenitic (white cross) 

regions as annotated in Figure 9.5h, which would have initially been one austenitic 

grain prior to creep testing (see dotted yellow line in Figure 9.5b), are presented 

with the simulated model fit superimposed over the pattern (a) & (b) and without 

(c) & (d). 

From the EBSD data, the interface between the newly formed ferrite phase and the 

surrounding austenite matrix obeys the Kurdjumov-Sachs orientation relationship, 
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{110}α || {111}g : <111>α || <101>g [9.34]. The EBSD map in Figure 9.5h show the 

austenite – ferrite phase boundary to adhere to the Kurdjumov-Sachs orientation 

relationship when the boundary is white, and not to adhere when the boundary is black. 

All EBSD maps, including those yet to be discussed in this study, also illustrate the 

phase boundary to be white when it adheres to the Kurdjumov-Sachs relationship. For 

the locations analysed, approximately 80% of the total austenite – ferrite phase 

boundary length obeys the Kurdjumov-Sachs orientation relationship.  

The EBSD data of the tested specimens also reveal regions of new grain formation 

within the ferrite layer. Conversely, both materials pre-conditioned for 8000 h at 

550 °C, even after creep testing up to 1.00% creep strain, do not show the formation of 

ferrite or new grains under hot loading or creep testing (Figure 9.3). For each creep 

specimen pre-conditioned for 3000 h at 600 °C, the mean thickness of the ferritic layer 

was measured and the area-fraction of ferrite within the carburised layer using the 

measured carburised depth for each pre-condition (see Table 8.2 on page 263) 

determined. These values are collated in Table 9.2, and the area-fraction of ferrite as a 

function of creep strain is presented graphically in Figure 9.7. The thickness of the 

ferrite phase, present after hot loading and prior to creep testing, increases continuously 

with creep strain in both steels preconditioned for 3000 h at 600 °C. The area-fraction 

of ferrite from the austenite within the carburised layer increases from 8% when 

𝜺creep = 0.50%, to 20% when 𝜺creep = 1.50% for ‘Low Mn’ steel. These values are higher 

for ‘High Mn’ steel, with the area-fraction increasing from 13% when 𝜺creep = 0.00%, 

to 27% when 𝜺creep = 1.50%.  
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Table 9.2. The average ferrite depth and standard deviation of the depth 

distribution (StdDev) and the area-fraction of ferrite within the carburised layer 

determined from EBSD on tested creep specimens pre-conditioned for 3000 h at 

600 °C.  

Material Test 
stress 
(MPa) 

Creep 
strain at 
int. (%) 

Ferrite 
depth 
(µm) 

StdDev 
ferrite 
(µm) 

Area-
fraction 
of ferrite 

(%)  

Low Mn 220 0.50 11.3 10.1 7.8 
  220 0.75 18.2 16.9 12.6 
  220 1.00 18.0 16.3 12.5 
  220 1.50 18.7 17.5 13.0 
  240 0.75 23.0 13.8 16.0 
  240 1.01 24.2 15.0 16.8 
  240 1.50 29.0 22.6 20.2 
  260 0.51 11.5 12.6 8.0 

High Mn 200 0.19 20.4 13.2 14.8 
  220 0.50 28.2 14.8 20.4 
  220 0.76 34.7 26.0 25.1 
  240 0.76 30.8 15.4 22.3 
  240 1.50 37.5 21.1 27.2 
  260 0.50 25.6 14.0 18.6 
  260 0.00 17.7 14.1 12.8 

 

 

 

 

Figure 9.7. Evolution with creep strain of the area fraction of ferrite within the 

carburised layer in both ‘Low Mn’ and ‘High Mn’ steels that have been pre-

conditioned for 3000 h at 600 °C.  

EBSD maps for ‘Low Mn’ steel pre-conditioned for 3000 h at 600 °C prior to and 

after forward creep are presented in Figure 9.8, showing the microstructural evolution 

in the carburised layer.   
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This evolution reveals extensive new grain formation within the ferrite region, 

suggesting a fraction of the new grain boundaries observed were generated during creep 

deformation. TEM samples were prepared from regions in the EBSD maps that were 

indexed as ferrite (FIB Pos. 1) and austenite (FIB Pos. 2), as indicated in Figure 9.8h. 

The lattice parameter, a, determined from the Selective Area Diffraction (SAD) patterns 

from two different zone axes, presented in Figure 9.9, confirmed the crystallographic 

indexing as either BCC ferrite or FCC austenite in the EBSD maps.  

 

Figure 9.9. SAD patterns obtained from two FIB samples prepared from both 

austenitic and ferritic regions as detailed in Figure 9.8h. 

The lattice parameter was determined from at least three equivalent measurements 

of the spacings for each reflection, with the average values of the lattice parameter 
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presented in Table 9.3 alongside the error which represents the standard deviation of 

those values. 

Table 9.3. The average lattice parameter, a, determined from at least three d 

spacings alongside the standard deviation (StdDev) of those values from the 

ferritic and austenitic regions (see Figure 9.9). 

TEM sample 
position 

Region Reflection a (Å) StdDev 
(Å) 

FIB Pos. 1 Ferritic {𝟏𝟏𝟏} 2.8675 0.0067 
{𝟎𝟏𝟏} 2.8991 0.0098 

FIB Pos. 2 Austenitic {𝟏𝟏𝟏} 3.6050 0.0280 
{𝟎𝟏𝟏} 3.6126 0.0113 

To study the development of the carburised microstructures that have undergone 

creep deformation in greater detail, high resolution EBSD mapping was performed in 

specific regions of interest within the carburised layer. In Figure 9.10, an un-cracked 

grain boundary is observed to possess a significant concentration of carbide precipitates. 

The original position of the prior austenite grain boundary within the newly-formed 

ferrite region is marked by carbide decoration. Within the austenitic bulk 

microstructure, the same grain boundary is flanked on either side by a region of ferrite, 

see Figure 9.10e. Ferrite is also observed to form on apparent slip bands in the prior 

austenite grain structure, see Figure 9.11. Generally, a larger concentration of carbide 

precipitates was observed in the ferrite region as compared to the surrounding austenite 

grains. 
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Figure 9.10. High resolution EBSD maps of an intergranular crack within 

‘Low Mn’ steel that has been pre-conditioned for 3000 h at 600 °C, and 

subsequently creep tested at s = 220 MPa and T = 550 °C to the target creep strain 

of 0.75%. (a) Band contrast; (b) inverse pole figure (IPF); (c) back scattered 

electron image; (d) kernel average misorientation (KAM) and; (e) phase map 

revealing a concentration of M23C6 carbide particles along an un-cracked grain 

boundary with the presence of ferrite along the flank at deeper depths.  
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Figure 9.11. High-resolution EBSD map of an intergranular crack within 

‘Low Mn’ steel that has been pre-conditioned for 3000 h at 600 °C, and creep 

tested at s = 240 MPa and T = 550 °C to 1.50% creep strain, as annotated in 

Figure 9.8b; (a) band contrast; (b) inverse pole figure (IPF); (c) back scattered 

electron image; (d) kernel average misorientation (KAM) and (e) phase map 

revealing ferrite formation on apparent slip bands. 

Previous grain boundary analysis from EBSD maps revealed that the as-received 

austenitic microstructures of ‘Low Mn’ and ‘High Mn’ steels contained 4% and 1% of 

low-angle grain boundaries, respectively (Chapter 8). In contrast, 26-38% LAGB are 

present within the ferritic layer in creep tested specimens, see Table 9.4. There is also 

evidence of fine ferrite grain structures in the carburised layer after creep testing, see 

Figure 9.8d. Similar fine grains were not observed in the austenite matrix up to the 

maximum creep strain in this work of 1.50% (see Figure 9.8d).  



Chapter 9: Creep deformation phenomena in near-surface carburised layers of 316H stainless steels 

   318 

Table 9.4. Frequency of grain boundary types in the austenite matrix of the bulk 

material, and within the ferrite layer observed at representative stresses and creep 

strains for ‘Low Mn’ material pre-conditioned for 3000 h at 600 °C. The relative 

fraction of grain boundaries in austenite do not change significantly during testing. 

The threshold in misorientation angle from low-angle grain boundary (LAGB) to 

high-angle grain boundary (HAGB) was taken to be 15°. 

Pre- s ecreep  Grain boundary length frequency (%) 
conditioning (MPa) (%) LA 

GB 
HA 
GB 

Σ3 Σ9 Σ11 Σ25a Σ25b Σ45c 

Baseline as-
received 

(austenite) 
0 0 4 96 53.4 3.3 0.6 0.2 0.3 0.1 

3000 h  
600 °C 
(ferrite) 

220 0.50 38 62 22.1 0.1 0.4 1.7 5.9 6.2 
220 1.50 32 68 18.7 0.2 1.3 2.6 5.6 4.1 
240 0.75 26 74 43.3 0.1 1.3 3.4 5.5 4.0 
240 1.50 31 69 27.4 0.2 2.2 3.0 7.1 2.6 

The regions of fine ferrite grains were studied in greater detail using high resolution 

EBSD mapping, see Figure 9.12. The KAM line scans show that the local 

misorientation within the fine ferrite grains is lower than in the surrounding (non-

refined) ferrite grains. The KAM values in the austenite matrix remain lower than in 

regions of ferrite grains, see Figure 9.12d & f.  
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Figure 9.12. High-resolution EBSD maps of a region of elevated local 

misorientation within ‘Low Mn’ steel that has been pre-conditioned for 3000 h at 

600 °C, creep tested at s = 240 MPa and T = 550 °C to 1.50% creep strain, as 

indicated in Figure 9.8; (a) band contrast; (b) inverse pole figure (IPF); 

(c) backscattered electron image; (d) kernel average misorientation (KAM) and; 

(e) phase map. (f) KAM line measurements as annotated in (d), showing the KAM 

being lowest in the austenite (line 1 orange dotted line), and highest within the 

ferrite layer but reduced in the recrystalized ferritic grains (line 2 pink solid line). 
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Furthermore, the relative frequency distribution of KAM from large-area EBSD 

scans is presented in Figure 9.13. Prior to creep, both materials present a similar KAM 

distribution. After exposure to creep conditions, the non-carburised bulk 

microstructures have a growing number of larger KAM values. The increase in 

misorientation appears to be localised particularly in triple junctions of the grain 

boundary network. However, the largest misorientation values (1.2 –1.4°) are observed 

within the ferritic regions within the carburised layer, despite the presence of fine grains 

with lower values of local misorientation (0.6–0.8°), as can be observed in Figure 9.12f. 

The local evolution of the microstructure within the carburised layer, and also the crack 

behaviour, was found to be similar in both steel grades for a given set of preconditioning 

parameters. 

 

Figure 9.13. Relative frequency distribution of Kernel Average Misorientation 

(KAM) angle for the as-received austenitic microstructures of both steels, and also 

within the non-carburised bulk austenite matrix and the carburised ferritic layer 

for creep tested specimens, pre-conditioned for (a) & (b) 8000 h at 550 °C and 

(c) & (d) 3000 h at 600 °C. 
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9.4 Discussion 

Prior to creep testing, the exposure of both steels to AGR primary gas coolant at 

550 and 600 °C induced the formation of a surface duplex oxide and near-surface 

carburised layer with different thicknesses and severities. The carburisation rate was 

fastest at 600 °C, with both materials exhibiting similar carburisation kinetics and 

possessing carburised depths of approximately 141 µm. The excess carbon in the 

carburised layer precipitates as inter and intra-granular M23C6 carbides, resulting in 

elevated surface hardness as compared to the bulk austenite matrix.  

Based on the stress exponents derived from minimum creep rates measured on 

‘High Mn’ steel (see Figure 8.10 on page 273), the dominant creep mechanism in both 

as-received and pre-conditions for 3000 h at 600 °C conditions is dislocation climb and 

glide [9.35- 9.37]. The dislocation activity that occurs within the bulk microstructure is 

evidenced by the increase in KAM values for the bulk microstructure that was subjected 

to creep deformation, in contrast with the as-received material (Figure 9.13). No 

changes in number density or coarsening in the carbide population were detected during 

creep, see Figure 9.4. This is explained by the test temperature not being sufficiently 

high enough to promote carbide coarsening, in addition to most of the carbon atoms 

from the carburisation process being already in the form of carbides, and not dissolved 

into solution prior to creep testing as discussed in Section 7.4. . However, this work has 

revealed additional microstructural alterations within the carburised layer, that has been 

exposed to creep deformation at 550 °C for austenitic stainless steels pre-conditioned 

for 3000 h at 600 °C. These include: 

• the presence of ferrite in heavily carburised regions; 

• the formation of new grains within the ferritic areas; 
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which are summarised, along with the oxide and intergranular cracking evolution, in a 

schematic presented in Figure 9.14. 

 

Figure 9.14. Schematic showing the evolution of the local microstructure and the 

occurrence of cracking in the surface duplex oxide and near-surface carburised 

layers, in specimens that had been pre-conditioned for 3000 h at 600 °C, and then 

tested at 550 °C. (a) Prior to deformation, the duplex oxide layer has good cohesion 

to the specimen, with the carburised layer consisting of austenite grains. (b) Once 

plastically loaded and prior to creep testing, cracking with limited spalling of the 

duplex oxide layer is observed, in addition to the transformation of a number of 

austenite grains to ferrite, as well as recrystallisation within the near-surface 
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carburised grains. (c) After forward creep but within the primary creep regime, 

the outer magnetite layer has fully spalled, intergranular cracks are observed to 

be at depths equal to the carburised layer depth, and the ferrite layer has become 

thicker. (d) At strains representative of the secondary creep regime, the average 

crack length grows to the depth of the carburised layer depth, with the newly-

formed ferrite layer accounting for up to 30% in area fraction of the carburised 

layer. The extent of the carburised layer is displayed as the shaded red grains 

below the surface oxide layer. 

During hot loading the specimen to the target stress and prior to creep testing, the 

surface duplex oxide layer cracked and the outer magnetite layer spalled off. 

Additionally, a region of ferrite forms from the prior austenite grains in the carburised 

layer, see Figure 9.5. Ferrite is detected where the near-surface hardness is highest and 

carburisation is most severe. Ferrite has also been observed to form in the vicinity of 

intergranular cracks (Figure 9.10) and on slip bands (Figure 9.11). When considering 

the mechanism for the phase transformation to occur, it must be mentioned that the 

majority of the excess C atoms generated during carburisation take part in the formation 

of carbide precipitates, primarily M23C6, and those excess C atoms do consequently not 

locate interstitially (see Section 7.4). In the process of precipitation, the large number 

density of carbides, as observed in. Figure 9.4, will remove significant Cr, and smaller 

amounts of Ni, from solution which will de-stabilise the surrounding austenite 

matrix [9.1, 9.20- 9.22]. Moreover, the large number density of carbides located within 

the carburised layer provides a significant area of interfaces which can act as nucleation 

sites for the phase transformation as reported elsewhere [9.20-9.22]. The change in 

composition and the presence of a significant number of potential nucleation sites do 

not on their own result in the austenite-to-ferrite phase transformation in these materials, 



Chapter 9: Creep deformation phenomena in near-surface carburised layers of 316H stainless steels 

   324 

as no ferrite is observed in carburised specimens that have been pre-carburised but not 

strained. Ferrite is however, observed in specimens pre-conditioned at 600 °C that have 

been plastically loaded (no creep) at 550 °C, with the area-fraction of the ferrite 

becoming ever larger at high creep strain values (see Figure 9.7). This shows the 

austenite-to-ferrite phase transformation is triggered by localised strained in pre-

carburised areas of the material. The combination of the compositional changes to the 

austenite matrix, large interface area and, importantly, strain assistance therefore offers 

the local conditions with which the austenite-to-ferrite phase transformation can occur.  

The examination of specimens pre-conditioned for 8000 h at 550 °C after creep 

exposure revealed no ferrite within the carburised layer. This can be explained by the 

less extensive and severe carburised layer microstructure, as evidenced by the shallower 

carburised layer depth and lower near-surface material hardness for both materials pre-

conditioned for 8000 h at 550 °C, as compared to 3000 h at 600 °C (see Table 8.2  on 

page 263). The lower pre-conditioning temperature of 550 °C results in a reduced 

carburisation rate and ultimately leads to a less severe carburised layer 

microstructure (see Figure 7.12 on page 225). In addition, the increased Mn content in 

the ‘High Mn’ steel grade provides enhanced protection from 

carburisation (Section 7.4). The lower hardness values for both materials pre-

conditioned at 550 °C is indicative of there being less carbon ingress and carbide 

precipitation as compared to pre-conditioning at 600 °C (see Figure 7.11 on page 223). 

Thus, lower amounts of Cr (and Ni) will be removed from the austenite matrix and there 

will be less potential nucleation sites for carbide precipitation. Therefore, the conditions 

for the austenite-to-ferrite phase transformation are not met in both materials pre-

conditioned at 550 °C upon straining.  
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Within the ferritic regions of specimens pre-conditioned for 3000 h at 600 °C, 

higher KAM values was observed as compared to the austenite grains, see Figure 9.13. 

The higher KAM values show that the softer ferrite accumulates a higher amount of 

local lattice strain compared to the surrounding bulk austenite grains during 

deformation. The increased strain observed in ferritic regions is as a direct result of an 

increase in dislocation density [9.26, 9.29]. Ultimately, the increase in dislocation 

density provides a strengthening mechanism for the material by impeding dislocation 

motion through the strained ferritic regions improving, to a limited extent, the resistance 

of the material to creep strain.  

The appearance of the softer ferrite, which accumulates more strain in comparison 

with the neighbouring untransformed austenite grains, leads to the occurrence of 

dynamic recrystallisation within the new ferritic regions during hot loading and 

subsequent creep strain evolution. This takes place after austenite has transformed into 

ferrite, or potentially also during ferrite nucleation from locally strained austenite 

grains [9.38]. The accumulation of dislocations will impede further dislocation motion 

and consequently, extensive new grain formation is observed, see Figure 9.8d. Once 

formed, ferrite plastically deforms, and the dislocations generated arrange into low-

angle grain boundaries. The new grain structure within the ferritic layer consists of in 

excess of 60% HAGBs. Only subgrains that have a high misorientation angle have the 

necessary mobility to form new grains [9.7]. The relatively high fraction of HAGBs 

supports the occurrence of dynamic recrystallisation within the ferrite regions. KAM 

maps reveal the local misorientation within the new grains to be less than the 

surrounding ferritic grains, yet greater than in the austenite matrix, see Figure 9.12. The 

formation of new ferritic grains is therefore a mechanism to relieve the strain 

localisation accumulated in the strained ferritic regions in the carburised layer during 
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creep testing. For high stress tests in 316 steel at 600 °C, grain boundaries have been 

found to contribute to strengthening the material [9.39]. The appearance of new grain 

boundaries will pin dislocations, introducing more dislocation pile ups and thus 

hindering creep strain evolution, and potentially leading to a higher driving force locally 

for dynamic recrystallisation.  

Surface intergranular cracks were observed to form on carburised grain boundaries 

on all pre-conditioned specimens that had been exposed to creep such as those shown 

in Figure 8.12 (page 275). The presence of ferrite was detected on the flanks of an un-

cracked carburised grain boundary, whilst ferrite was not observed down the flank of a 

cracked grain boundary within the same EBSD map, see Figure 9.10. The absence of 

ferrite along the flanks of the cracked grain boundary shows that, in this instance, there 

was insufficient driving force for the austenite-to-ferrite transformation to occur prior 

to the crack forming and propagating. Furthermore, the presence of ferrite on grain 

boundaries was reported to promote the formation of cavities during later creep stages 

in as-received 316H material [9.20-9.22]. Therefore, the formation of ferrite on the 

flanks of un-cracked grain boundaries may accelerate cracking at those boundaries, 

compared to un-cracked boundaries where ferrite has not formed. However, from the 

metallurgical examinations conducted in this study, no cracks were observed within 

ferritic gain boundaries or in the region directly below the spinel oxide. At 0.50% creep 

strain in the primary creep regime, some cracks were observed close to the carburised 

layer depth, Figure 9.14c. The cracks continue to grow during creep to the extent that 

at creep strains greater than or equal to 1.00%, generally during the secondary creep 

regime, the average crack depth was close to or beyond the carburised layer depth, 

Figure 9.14d. When considering that cracking of the carburised layer occurs because of 

the accumulation of local strain, then the mechanisms to relieve strain via the austenite-
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to-ferrite phase transformation and new grain formation within the ferrite regions will 

therefore delay crack initiation, and thus initially improve creep ductility. Eventually, 

the observed accumulation of strain locally within the carburised ferritic/austenitic 

regions, as evidenced by the elevated KAM values, especially in the newly formed fine 

ferrite grains (see Figure 9.13), combined with extensive carbide precipitates from the 

prior carburisation process, increases the propensity for creep-induced damage 

formation locally via the nucleation of creep cavities that coalesce into extended cracks. 

The prevalence of intergranular cracks will also affect the global strain rate of the 

carburised material. This is because the stress state of the carburised grains adjacent to 

cracks, which have temporarily enhanced resistance to creep strain from the 

aforementioned local mechanisms, will be changed. A reduction in stress on those 

grains will lead them to have less influence on the crack evolution and resultant 

materials strain due to creep. Ultimately, however, the failure mechanism for carburised 

specimens is controlled by the formation of the intergranular cracks that form during 

creep, preferentially within the carburised austenite/ferrite layers, and evolve into bulk 

austenite regions. As shown in  Figure 9.14, the cracks propagate through the carburised 

layer and on higher strain values continue to grow into the bulk, reducing the load 

bearing area that eventually results in premature failure.  

The results presented here should be considered in practical applications where 

there is a high carbon activity and carburising rate, and where thin steel sections are 

present. This is because a deeper carburised layer or conversely a smaller diameter 

specimen possessing the same carburised layer depth would result in a higher volume 

of carburised layer compared to the non-carburised bulk. This would confer those 

deformation mechanisms within the near-surface carburised layer a greater role in the 

creep strain response of the material. The creep deformation behaviour at applied 
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stresses below the high-temperature yield stress of the material might result in an 

increased role for diffusion creep mechanisms operating in the non-carburised bulk 

microstructure. Whilst diffusion creep will operate, similar phenomena to those 

reported in this work within the carburised layer may occur where a high degree of local 

lattice strain is accumulated [9.9, 9.11]. As the austenite-to-ferrite phase transformation 

has been observed to be strain-assisted, and the dynamic recrystallisation driven by the 

preferred strain localisation within the ferrite region, the severity of carburisation would 

dictate the role of these microstructural phenomena during creep deformation of 

austenitic stainless steels.  

9.5 Conclusions 

This study assessed the local microstructural evolution due to creep deformation at 

550 °C of two ex-service type 316H stainless steels with varying Mn content. These 

steels were exposed at either 550 or 600 °C to simulated CO2 primary gas-coolant of 

AGRs, so as to induce varying levels of surface oxidation and near-surface 

carburisation. The main conclusions of this study are: 

• the dominant creep deformation mechanism in carburised specimens is 

dislocation glide and climb 

• when specimens pre-carburised for 3000 h at 600 °C were hot loaded beyond the 

yield stress of the material, ferrite forms in the most heavily carburised regions, 

including slip bands, within the carburised layer. The ferrite regions increase in 

area fraction with creep strain, and they undergo a higher strain accumulation 

compared to the surrounding austenitic grains. The fine ferrite grains contain a 

significant population of HABGs (greater than 60%), evidencing a potential 

dynamic recrystallisation within the ferrite region.  
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• during creep testing, cracks nucleate and grow on carburised grain boundaries in 

all tested specimens. However, no significant changes in carbide population were 

observed during creep in both steels. Lattice strain induced during creep localises 

preferentially in the carburised layer, and triggers the formation of further ferrite 

and the occurrence of cracking. In contrast, in the non-carburised bulk of creep 

specimens exposed to creep conditions, the strain localisation is less severe and 

lattice strains generally localise preferentially at grain boundary triple junctions.  

These results demonstrate the necessity for further consideration of the 

environmental impact on creep performance of AGR austenitic steels. Furthermore, 

consideration must be given for new high-temperature Gen IV and advanced modular 

reactors, to review the impact the service environment will have on the near-surface 

microstructure and creep tolerance of structural components exposed to carbon 

containing gaseous environments at elevated temperatures.  
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10 Overall Discussion 

In the work reported in this thesis, several systematic studies were undertaken 

sequentially, with the overall aim to further the understanding on the synergistic 

relationship between the simultaneous surface duplex oxidation and near-surface 

carburisation of type 316H stainless steels used in AGR plants. In addition, the potential 

impact on the creep behaviour of oxidised/carburised type 316H stainless steels was 

examined. Two ex-service type 316H stainless steels with different Mn content and 

average austenite grain size were evaluated. The results reported in this thesis will 

support the development of remaining lifetime structural integrity assessments for 

carburised steel components in AGR plants. A brief overall discussion of these results 

is presented here.   

Chapters 4 and 5 introduced key theoretical concepts relevant to this research, and 

provided a detailed literature review of previous experimental work undertaken 

concerning carburisation in CO2-gas environments, along with creep testing of nuclear 

structural steels. These chapters provide a background into the nature of carburisation 

and creep, showing the sensitivities of alloy compositions/conditions and gas 

environments to the extent and locally-induced properties of carburisation and creep, 

respectively. Therefore, in order to assess the behaviour of plant relevant steels in AGR 

gas environment, a laboratory carburisation process named ‘pre-conditioning’, as 

described in Chapter 6, was used to expose two ex-service type 316H steels (coupons 

and creep specimens) to simulated AGR primary gas coolant prior to creep testing. The 

pre-conditioning process, conducted at 550 °C (≤ 8000 h) and 600 °C (≤ 3000 h), 

induced the microstructural changes observed in plant components, including the 
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simultaneous formation of a surface duplex oxide layer and a near-surface carburised 

layer. After pre-conditioning, the pre-carburised creep specimens were mechanically 

tested in air at 550 °C.  

The first study (pre-conditioning), presented in Chapter 7, provides a mechanistic 

understanding of carburisation in 316H steel under simultaneous development of a 

duplex oxide layer in an AGR environment. This study also provides a snapshot of the 

baseline local microstructure after exposure in an AGR environment, prior to creep 

deformation for the remaining studies discussed in this thesis. These pre-carburisation 

results showed the significant effect of Mn content and austenite grain size on the degree 

of carburisation. Moreover, the excess C mainly precipitates as inter- and intra-granular 

M23C6 carbides. Only a small amount of C remains in solid solution within the austenite 

lattice.  

Only a limited number of studies to date have examined the effect of a near-surface 

carburised layer, induced by AGR service exposure, on the creep behaviour of 316H 

steels. Therefore, the second investigation detailed in Chapter 8 consisted of 

mechanically testing and evaluating the creep performance of pre-carburised creep 

specimens in air at 550 °C with microstructural investigations undertaken post-mortem. 

The creep behaviour of the pre-carburised specimens was found to be affected by the 

cracking of embrittled, carburised grain boundaries. At low plant-relevant applied 

stresses, the minimum creep rate of pre-carburised specimens is reduced as compared 

to as-received (non-carburised) material. At relatively high applied stresses 

(above 318 MPa), cracks form on loading to the target stress and prior to creep, reducing 

the minimum creep rate and creep ductility.  

Whilst several investigations considering the creep behaviour of carburised 

specimens had been reported prior to this project, there remained uncertainty 
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surrounding the creep-activated deformation mechanisms that operate locally within the 

carburised layer material. Chapter 9 presents the observations from the assessment of 

creep-exposed carburised material, and the findings obtained from employing 

complementary microstructural characterisation techniques. These results revealed 

ferrite formation upon loading to plasticity (prior to creep testing), within the most 

heavily carburised areas containing a large population of intragranular M23C6 carbides. 

The ferrite within the carburised layer is also observed to increase in area fraction with 

creep strain. In addition, extensive new grain formation within the ferritic regions was 

observed during creep deformation, possessing a large amount of high-angle grain 

boundaries evidencing dynamic recrystallisation. The austenite-to-ferrite 

transformation and the formation of new grain within the ferrite regions are seemingly 

a mechanism to relieve the strain localisation accumulation in the carburised layer 

during mechanical loading and subsequent creep testing.   
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11 Conclusions 

The local microstructural evolution in two ex-service type 316H stainless steels 

induced by exposure to AGR CO2-rich primary gas-coolant was evaluated, and 

correlated with the creep performance, including an analysis on the local creep 

mechanics that operate within the near-surface carburised layer. Small coupons and 

creep specimens manufactured from the two ex-service materials possessing different 

Mn content and austenite grain size, have been exposed to simulated AGR CO2-rich 

primary gas-coolant at 550 and 600 °C for maximum times of 8000 h and 3000 h 

respectively. The pre-exposed creep specimens were then creep tested at 550 °C in air 

up to creep strain levels of 1.50%. Complementary microstructural examination 

techniques were used to characterise the local microstructural evolution. The main 

conclusions from this work are as follows: 

• The local availabilty of Mn and Cr controls the re-formation of the initial 

protective M2O3 film. Thus carburisation was less severe in the steel with the 

higher Mn content and smaller grain size when exposed to AGR primary gas 

coolant at 550 °C. 

• The formation of a porous duplex oxide layer, which consists of an outer 

magnetite (Fe3O4) and inner spinel (MCr2O4 where M = Ni, Cr), triggers the 

development of a near-surface carburised layer within both steel grades during 

pre-conditioning. 
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• µ-XRD measurements suggest that only a small amount (0.02 wt.%) of atomic 

C is incorporated into the austenite lattice, whereas the excess C forms inter- 

and intragranular M23C6 carbides within the near-surface carburised layer.  

• The diffusion of substitutional solutes towards nucleation sites for carbide 

precipitation is the rate-limiting mechanism for carburisation.  

• Surface cracking of embrittled carburised grain boundaries during strain-on-

loading and prior to forward creep, when mechanically tested at an applied stress 

of s ≥ 318 MPa, increases the minimum creep rate and reduces the creep 

ductility of pre-carburised creep specimens as compared to the as-received (non-

carburised) material. 

• At lower stress levels, s ≤ 318 MPa, the minimum creep rates of pre-carbruised 

creep specimens were reduced as compared to the non-carburised material. 

Surface cracks form during creep, with a number of cracks propagating as deep 

as the carburised layer depth at ecreep = 0.50% creep strain.  

• The average crack length reaches close to or larger than the carburised layer 

depth at creep strains ecreep ≥ 1.00%. 

• The observed differences in creep properties in pre-carburised creep specimens, 

as compared to the non-carburised as-received materials, is thought to be caused 

by the modifed mechanical properties of the carburised layer.  

• In creep specimens pre-carburised at 600 °C, ferrite forms in the most heavily 

carburised regions. This includes on slip bands and along the flanks of un-

cracked grain boundaries, and increases in area fraction with increasing creep 

strain.  



Chapter 11: Conclusions 

   340 

• The austenite-to-ferrite phase transformation occurs as a mechanism to relieve 

the strain which accumulates within the carburised layer during forwad creep. 

The local lattice misorientation within the new ferrite grains was lower than the 

surrounding ferritic regions, but was higher than the austenite matrix, suggesting 

that the formation of new grains is a mechanism to relieve the strain localisation 

in the carburised layer during creep.  

• Dislocation glide and climb is the dominant creep mechansim for as-received 

non-carburised material (n ~ 9.8) and continues to be for pre-carburised 

materials (n ~ 9.6), despite the additional microstructural phenomena observed 

in the carburised layer both upon loading to plasticity and during creep testing. 
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12 Further Work 

The studies undertaken in the project and reported in the thesis have provided key 

experimental insights into the creep behaviour and cracking characteristics of 316H 

steel, pre-carburised in simulated AGR service conditions. Whilst this research 

demonstrated the rate-limiting step for carburisation and provided an understanding of 

the creep mechanics that operates within the carburised layer, and its impact on the bulk 

creep response of the steel, there exist opportunities to extend the scope of this research, 

to expand the existing understanding. Potential future research investigations are: 

• In the project and as reported in this thesis, a pre-carburised material was 

mechanically creep tested, which possessed both the outer carburised layer 

microstructure and the inner non-carburised bulk material. An area for further 

work, particularly for modelling input and validation, is the determination of 

mechanical properties for the carburised layer microstructure. Further pre-

conditioning to increase the volume of carburised material to non-carburised 

steel is an option, however it is certainly time dependent. A further proposal is 

to use FIB to produce miniature tensile specimens from the carburised layer, 

followed by miniture tensile tests at 550 °C. The specimens could be produced 

from several depths to understand the variation of mechanical properties as a 

function of carburisation depths.  

• To date, creep tests have only been conducted at 550 °C, whilst type 316H 

components in AGRs operate at temperatures up to 650 °C. Therefore, 

performing creep tests on pre-carburised material at higher temperatures would 

aid in understanding whether cracking and creep properties (particularly creep 
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ductility) are similarly affected by the higher temperature, especially after 

having measured differences in carburisation kinetics and creep behaviour when 

increasing 50 °C in this work, whilst pre-conditioning temperature increased 

from 550 to 600 °C. 

• Moreover, during plant operation, the temperature of the reactor can be 

temporarily reduced, such as during re-fueling and statutory inspections. The 

thermal cycling whilst under mechanical load can lead to complex thermo-

mechanical loading states. This thesis discussed only the monotonic creep 

deformation and cracking properties of carburised material. However, 

understanding the fatigue interaction with creep would provide more reliable 

remnant life models.  

• A more extensive TEM and XRD investigation on existing pre-conditioned 

coupons, to study the development of the duplex oxide and carburised layers 

during pre-conditioning is proposed. This could focus on the early formation of 

carbides and the impact these carbide precipitates can have on the surrounding 

microstructure, including lattice strains and local chemistry. Additionally, using 

those microstructural characterisation techniques, a more detailed examination 

of the small inclusions, <1 µm in size is proposed to should be conducted to 

verify the effect of these on the oxidation and carburisation kinetics.  

• In situ creep testing of pre-carburised material within a synchrotron to provide 

a greater understanding of the mechanisms that govern the austenite-to-ferrite 

phase transformation and the formation of new ferrite grains with lower local 

strains, within the most heavily carburised regions of 316H steel.  
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APPENDIX A – CERTIFICATE FOR THE 
CHEMICAL COMPOSITIONAL ANALYSIS OF 
THE BASELINE MICROSTRUCTURE 

Low Mn  
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High Mn  
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APPENDIX B – EXAMPLE OF CREEP TEST 
CALIBRATION CERTIFICATES 

Creep Frame Calibration Certificate 
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Creep Extensometer Calibration Certificate 
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Thermocouple Calibration Certificate 
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Thermocouple Channel Calibration Certificate 

 


