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Selection of solidification pathway in rapid solidification processes

Nima Najafizadeh ,1 Men G. Chu,2 and Yijia Gu 1,*

1Department of Materials Science and Engineering, Missouri University of Science and Technology, Rolla, Missouri 65409, USA
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(Received 29 November 2022; accepted 23 January 2023; published 21 February 2023)

Rapid solidification processing of alloys enables the formation of exotic nonequilibrium microstructures.
However, the interrelationship between the processing parameters and the resulting microstructure is yet to be
fully understood. In melt spinning (MS) and additive manufacturing (AM) of rapidly solidified alloys, opposite
microstructure development sequences were observed. A fine-to-coarse microstructural transition is typically
observed in melt-spun ribbons, whereas melt pools in AM exhibit a coarse-to-fine transition. In this paper,
the microstructural evolutions during these two processes are investigated using phase-field modeling. The
variation of all key variables of the solid-liquid interface (temperature, composition, and velocity) throughout
the entire rapid solidification of AM and MS processes was acquired with high accuracy. It is found that the
onset of nucleation determines the selection of the solidification pathway and, consequently, the evolution of
temperature and velocity of the interface during the rapid solidification. The switching of control mechanisms
of the solid-liquid interface, which happens in both processes but in opposite directions, is found to cause the
velocity jump and disrupt the microstructure development.

DOI: 10.1103/PhysRevMaterials.7.023403

I. INTRODUCTION

The rapid solidification technique was developed on the
foundation of the early works from Duwez et al. [1] and
Clement et al. [2] on quenching the silver-copper alloys at
high enough cooling rates to suppress the usual nucleation
and growth of the equilibrium phases. In essence, rapid so-
lidification can be achieved when the following conditions
are met: (1) high undercooling before the onset of solidifi-
cation, (2) high velocity of solidification front, and (3) high
cooling rate during the solidification process [3]. In return,
it offers majorly three benefits: extended solid solubility, re-
fined structures, and the formation of exotic nonequilibrium
phases.

Despite noteworthy attempts for microstructure mapping
based on the processing variables [4–8], some of the di-
verse microstructures formed in rapid solidification processes
still cannot be well explained. For example, additive man-
ufacturing (AM) and melt spinning (MS), two well-known
examples of the rapid solidification process, can form dif-
ferent inhomogeneous microstructures. In many additively
manufactured alloys, various layered microstructures are ob-
served in the melt pools. Depending on alloy chemistries
and processing variables, the individual layer may be filled
with primary intermetallic particles [9], eutectic structures
[10], cellular/dendritic structures [11], or superfine equiaxed
grains [12–18]. As seen in an Al-2.5Fe sample [19] shown
in Fig. 1(a), along the growth direction, the first layer (next
to the melt pool boundary) exhibits coarser microstructural
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features and transforms to a finer microstructure in the
next layer (toward the melt pool center). Melt-spun ribbons
typically exhibit an inhomogeneous microstructure, with a
very fine microcellular layer that abruptly transforms into
a coarser cellular or dendritic structure. The fine microcel-
lular structure was used to be described as “featureless”
because it did not display any observable optical features
[20]. In contrast to AM, the microstructural transition in
MS [21] goes from fine to coarse, as shown in Fig. 1(b).
The opposite microstructure transition sequence indicates
that the solidification pathways are different in these two
processes, although their cooling rates (105–107 K/s) are
similar. In addition, the clear boundaries of layered mi-
crostructures in both AM and MS suggest that, when the
solid-liquid interface advances to those locations, a sharp
transition in a controlling variable leads to an immediate
change of microstructure. Thus, it makes sense to inquire as
to what variable is in control. What causes this variable to
change abruptly? Why do two rapid solidification processes
that have similar cooling rates have opposing microstructure
formation sequences? Those queries are still unaddressed,
though.

The microstructure development of rapidly solidified al-
loys is controlled by the interplay between interfacial velocity,
temperature, and solute concentration at the solid-liquid
interface [23]. Due to the large interfacial velocity, the so-
lidification may not have enough time to reach the local
thermodynamic equilibrium state. The ergodicity is broken.
Therefore, the interface dynamics (or how the interface vari-
ables evolve) of rapid solidification is complicated. As shown
in Fig. 1(c), the morphology (solidification mode) is deter-
mined by the temperature gradient in the liquid and the inter-
face velocity [22]. The temperature and solute concentration
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FIG. 1. (a) Scanning electron microscopy (SEM) image showing the microstructure of Al-2.5Fe processed by additive manufacturing
(reproduced with permission from Ref. [19]). (b) SEM image showing the microstructure of Al-2Fe processed by melt spinning (reproduced
with permission from Ref. [21]). (c) Modes of solidification as a function of temperature gradient in the liquid (∂T/∂x) and interfacial velocity
(vn) [22].

at the solid-liquid interface cannot be directly measured due
to the spatial and temporal resolution limit of current char-
acterization techniques. Although the interface velocity vn

can be experimentally assessed using in situ x-ray imaging
[24] or dynamic transmission electron microscopy [25–28],
both methods are very challenging. Due to those experimental
challenges and limitations, theoretical studies play a vital role
in the research of rapid solidification processes.

There exist a few analytical models on rapid solidification
[29–35]. They can be used to construct the microstructure
selection maps (MSMs) for rapid solidification, which predict
the microstructure for a given combination of composition and
interface velocity [23,32,36]. However, the interface velocity
needs to be known a priori to predict the microstructure when
using MSMs. The interface velocity may change dramati-
cally during the solidification of a melt pool or a melt-spun
ribbon. Accordingly, a microscopic model that couples the
thermal diffusion with the liquid-to-solid phase transforma-
tion during the rapid solidification is needed to correctly
predict the temperature evolution at the interface. The most
feasible physics-based candidate to build such a model is
the so-called phase-field method [37–39], which avoids solv-
ing the notorious moving boundary problem (the so-called
Stefan problem) associated with the phase transition. Sev-
eral phase-field models have been developed specifically to
study rapid solidification [40–52]. Nevertheless, most of the
current phase-field studies of rapid solidification processes
only considered solute diffusion and neglected thermal dif-
fusion by imposing a predefined temperature profile. Those
treatments may be able to reproduce a uniform microstruc-
ture for certain locations, but they are inadequate to simulate
the development of those inhomogeneous microstructures
due to the negligence of complex thermal history during
the entire solidification of the whole melt pool or melt-spun
ribbon.

In this paper, a phase-field model for dilute binary alloys
is adopted to explore the microstructure development in those
rapid solidification processes. This model considers the cou-
pled thermal-solute diffusion and solute trapping, enabling
direct access to the evolution of the key variables (veloc-
ity, temperature, and solute concentration) at the interface
throughout the entire rapid solidification process. The devel-
opment of those microstructures observed in AM and MS will
be correlated to the variations of those interfacial variables
from phase-field simulations, and the formation mechanism
will be revealed. Specifically, the nucleation or the onset
of the solidification of AM and MS will be explored. The
resulting solidification pathway and the development of inho-
mogeneous microstructures will be elucidated. The transition
from one microstructure to the other will be explained using
the proposed theory of control mechanism switching for both
AM and MS. The formation of the fine microcellular region in
MS and the effect of nucleation and alloy composition will be
discussed in detail. The paper will conclude with a summary
of the key findings and a perspective on how those findings
may facilitate future research in rapid solidification processes.

II. METHODOLOGY

A. Phase-field model

In this paper, we employed a phase-field model with solute
trapping and coupled thermal-solute diffusion for a dilute
binary alloy system to investigate the microstructure devel-
opment during the rapid solidification of fusion-based metal
AM and MS processes. The kinetic equations that govern the
evolution of phases (φ), composition (c), and temperature (T )
include

τ
∂φ

∂t
= W 2∇2φ + φ − φ3 − λ(θ + Mc∞U )(1 − φ2)

2
, (1)
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1 + k − (1 − k)φ

2

(
∂U

∂t

)
= ∇

(
Dl

1 − φ

2
∇U + Jat

)

+ 1 + (1 − k)U

2

(
∂φ

∂t

)
, (2)

∂θ

∂t
= α∇2θ + 1

2

∂φ

∂t
, (3)

where φ is the order parameter denoting solid (φ = 1) and
liquid (φ = −1) phases, τ = 1

HMφ
is the interface attachment

time scale, H is the barrier height of the double-well poten-
tial, Mφ is the phase-field mobility related to the kinetics of
interface, t is time, W is a measure of solid-liquid interface
width, λ is a dimensionless coupling constant, θ = T −Tm−mc∞

L/cp

is the normalized undercooling, Tm is the melting temperature
of the alloy, L is the generated latent heat, cp is the specific
heat capacity at constant pressure, M = −m(1−k)

L/cp
is the scaled

slope of the liquidus line (m), c∞ is the initial concentration
of the alloy, U = 1

1−k [ 2c/c∞
1+k−(1−k)φ − 1] is the normalized solute

concentration, k is the partition coefficient, Dl is the diffusiv-
ity of the solid in the liquid, Jat is the antitrapping current term
[53], and α denotes the thermal diffusivity which is assumed
to be equal for the solid and liquid phases. The solute trapping
effect is considered by modifying Jat following the approach
of Pinomaa and Provatas [45]. A detailed description of the
model along with the numerical testing and validation can be
found in Ref. [54] and its supplemental material.

The focus of this paper is to comprehend the fundamen-
tal physics of the moving solid-liquid interface and how it
affects the formation of different microstructures during the
rapid solidification of the melt pool and melt-spun ribbon in
AM and MS, respectively. Therefore, the overall simulation
size must be large enough to cover the entire melt pool or
ribbon thickness and account for the superfast thermal dif-
fusion. Meanwhile, the grid size should be small enough to
appropriately capture the dynamics of the interface at which
partitioning of solute, dissipation of latent heat, and variation
of interfacial velocity occur. (It should be noted that the Kim-
Kim-Suzuki model [55], which is typically used to arbitrarily
increase the grid size for large simulations, does not apply to
this paper because the interface is not at equilibrium.) These
two requirements lead to a simulation size of at least 40 000
grid points in one dimension (1D) with a grid size of ∼ 1.4 nm
(for a melt pool of 50 μm). The simulation size is simply
squared for a two-dimensional (2D) case, which makes it ex-
tremely challenging due to considerable computational cost.
We chose to perform 1D simulations of the entire melt pool
or melt-spun ribbon to capture the evolution of temperature
during the entire solidification process while sacrificing the
curvature effect. Hence, our phase-field model cannot pro-
vide direct 2D or 3D morphology information for dendritic
or cellular structures. However, the contribution of curvature
undercooling to overall undercooling becomes minimal as the
amount of undercooling exceeds the freezing range or when
the undercooling is significantly small [35]. The solid-liquid
interface in the 1D model is the interface on the primary den-
drite tip (for dendritic growth) or cell tip (for cellular growth),
which corresponds to the growth front or solidification front.

The simulated interface velocity can be directly compared
with measured growth rate by in situ x-ray imaging [24] or dy-
namic transmission electron microscopy [56,57]. In addition,
the simulated evolution of the growth front, including the tem-
perature, velocity, and solute concentration, also determines
the formation of primary solid phase, which makes up the
skeleton of the solidification microstructure. Therefore, the
1D configuration will not only minimize the computational
costs but will also maintain the generality of the results by
capturing the evolution of the dominant variables at the fast-
moving interface and predicting the resulting microstructures.

B. Simulation setup

As a result of a complex series of physical interac-
tions between the laser beam and the irradiated material in
fusion-based AM, the geometry of the molten metal can be
considered as a channel formed by connecting many repeating
hemispherical melt pools along the traveling direction of the
heat source. Therefore, a hemispherical melt pool can be
regarded as the representative unit for the entire AM pro-
cess. It is presumable that the melt-pool shape will remain
constant under the quasi-steady-state processing conditions
used in this analysis. Consequently, the solidified melt pools
resulted from each laser path will make up the final mi-
crostructure. In MS, the melt-spun ribbon will form bottom
to top with a rectangular cross-section. The repeatability of
the solidified microstructure across the length of the ribbon
will make the rectangular cross-section a representative of
the melt-spun ribbon. Accordingly, the MS and AM simula-
tions were performed in a Cartesian and spherical coordinate
system, respectively. As depicted in Figs. 2(a) and 2(b), the
hemispherical geometry assumed for the melt pool in AM
makes the spherical coordinate a good fit for solving the
phase-field equations in 1D; meanwhile, the Cartesian coordi-
nate is more suited for MS since the ribbon surface is parallel
to the substrate copper wheel. Both the order parameter (φ)
and normalized solute concentration (U ) were subjected to
no-flux boundary conditions in all phase-field simulations. For
thermal evolution, two separate sets of boundary conditions
were adopted based on the most realistic scenarios for the two
examined rapid solidification processes in this paper. A no-
flux boundary condition was applied to the melt pool center,
while a fixed-flux boundary condition was applied to the outer
surface of the hemisphere to establish a constant cooling rate
(Ṫ = 107 K/s) at the melt pool boundary [Fig. 2(a)]. In the
case of MS simulations, a no-flux boundary condition was
used at the free surface of the ribbon, whereas on the chill
side where a small solid nucleant was initially introduced,
an interfacial heat conduction boundary condition was imple-
mented [Fig. 2(b)]. The interfacial heat conduction boundary
condition is written as [58,59]

−K
∂T

∂x
= −h(T − T∞), (4)

where K = 200 W m−1 K−1 is the thermal conductivity, h =
0.75 × 106 W m−2 K−1 denotes the heat transfer coefficient,
and T∞ = 300 K is the constant temperature of the rotating
wheel.
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FIG. 2. Schematics of geometry and assumed boundary conditions for melt spinning (MS) and additive manufacturing (AM) processes:
(a) layer-by-layer geometry of AM and thermal boundary conditions of hemispherical melt pool, and (b) MS setup and thermal boundary
conditions of melt-spun ribbon.

Al-2 wt. % Fe (hereinafter referred to as Al-2Fe) is chosen
as the subject material in this paper since experimental studies
for both AM and MS processes were available for validating
our findings. In our simulations, almost all the material prop-
erties are from either experimental measurement [60] or fitted
from the equilibrium Al-Fe binary phase diagram. Table I
provides a comprehensive list of all the parameters utilized in
the phase-field model. It is noteworthy that the value of phase-
field mobility Mφ is chosen to match the observed interface
velocity in the rapid solidification of aluminum alloys since it
is related to the interface velocity and can only be determined

TABLE I. Phase-field model parameters of Al-2Fe.

Latent heat of fusion L 9.47 × 108 J m−3 [60]
Specific heat capacity cp 2.81 × 106 J K−1 m−1 [60]
Interfacial energy γ 0.158 J m−2 [61]
Melting temperature Tm 933.47 Ka

Solute diffusivity in liquid Dl 4 × 10−9 m2 s−1

Thermal diffusivity α 4 × 10−5 m2 s−1

Initial alloy concentration c∞ 2 wt.%
Equilibrium partition coefficient k 0.025a

Slope of liquidus line m −3.48 K(wt. %)−1a

Computational interface width W0 1.76 × 10−9 m
Mesh spacing dx 0.8 W
Time spacing dt 0.01 τ

Solute trapping velocity V PF
D 0.75 m s−1b

Solute trapping parameter A 3.01b

Phase-field mobility Mφ 7 m3 J−1 s−1

Interface width 5 nm

aFitted to the phase diagram generated by Thermo − CalcTM using
TCAL database.
bAchieved by fitting to the continuous growth model following the
approach of Pinomaa and Provatas [45].

by matching the experimental observation. In addition, the
solute trapping velocity of the phase-field model (V PF

D ) was
determined following the approach of Pinomaa and Provatas
[45].

Both simulations were started with a homogeneous liquid
at a temperature slightly above the liquidus (940 K), but the
rapid solidification of AM and MS was configured differently
to reflect their distinctions in the nucleation of the solid phase.
In the case of AM, a small solid nucleus was introduced
on one side of the domain (melt pool boundary) from the
beginning, which grew into the liquid as the simulation pro-
gressed. This setup was to mimic the epitaxial growth from
the previous layer observed in most AM microstructures, as
almost no driving force is required for this type of nucleation.
In MS simulations, the nucleation requires a much higher
driving force, as the substrate (Cu) is a material with quite
different lattice parameters. Consequently, the solid phase was
not introduced until the temperature at the chill side dropped
below a predefined critical temperature to ensure enough un-
dercooling is provided for the nucleation in MS. For this
paper, the undercooling ranging from 233 to 373 K was in-
vestigated. The corresponding nucleant size can be calculated
using the free growth model [61]. The analysis of nucleation
and undercooling selection is detailed in the Supplemental
Material [62].

III. RESULTS AND DISCUSSION

A. Selection of solidification pathway

The solidification paths in AM and MS can be dis-
cussed in relation to the opposite microstructure transition
sequences commonly observed in these two processes. For
this purpose, the variation of interfacial temperature during
the solidification of AM and MS processes as a function of
both solid-liquid interface position and time are plotted in
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FIG. 3. The evolution of the interfacial temperature throughout the solidification process in additive manufacturing (AM) and melt spinning
(MS): (a) temperature vs interface position, and (b) temperature vs time.

Figs. 3(a) and 3(b), respectively. An undercooling of 311 K
was applied before the onset of solidification in MS, and the
liquidus and solidus were obtained at the alloy composition
(Al-2 wt. % Fe). Despite having a comparable cooling rate, the
solidification paths taken by AM and MS are clearly differen-
tiable, as they start solidifying at quite different temperatures
and proceed in opposite directions. As the solidification in
AM begins below the liquidus line, the temperature starts
decreasing until it falls below the solidus line at a distance of
∼3μm from the melt pool boundary, after which it continually
rises. In the case of MS, the molten alloy starts solidifying at
a temperature well below the solidus. The temperature then
gradually rises until it ultimately reaches its maximum at
∼25μm away from the chill side, at which point it starts to
decline.

The AM and MS temperature profiles show distinct al-
terations at certain times and locations within the time and
space domains. Accordingly, we speculate that those alterna-
tions correspond to the microstructural transitions commonly
observed in these two processes. To further explore this idea,
the relevant interfacial velocity fluctuations at the alternation
points will be examined in the next subsection.

B. Selection of microstructures

Figure 4 depicts the interfacial growth velocity vs solid-
liquid interface position for MS and AM simulations. Both
velocity profiles consist of a high- and a low-velocity regime;
however, the order of these velocity stages is reversed. The
solidification starts at zero velocity in the AM simulation
and steadily increases within the first few micrometers from
the melt pool boundary. Then the growth velocity abruptly
accelerates and enters the high-velocity regime followed by
a plateau with a minor reduction for the rest of the melt
pool length. The sharp interface velocity change is caused

by the switching of the control mechanisms, i.e., from so-
lute diffusion- to thermal diffusion-controlled growth [63].
Similar growth velocity change was observed during the

FIG. 4. Interface velocity as a function of the distance from the
boundaries of the solidified microstructure for Al-2Fe in (a) additive
manufacturing (AM), and (b) melt spinning (MS).
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FIG. 5. The change in cooling rate with respect to distance from
the melt pool boundary.

resolidification of a melt pool in Ti6Al4V using in situ x-ray
imaging [24]. Since the size of the solidified microstructure
features is strongly affected by the interface velocity, a sudden
refining of microstructures is expected to occur at ∼3μm
away from the melt pool boundary, where the velocity jump
took place. To quantify this microstructural variation, we cal-
culated the cooling rates (Ṫ = vn · dT/dx) before and after
the velocity jump and plotted them in Fig. 5. As depicted in
Fig. 1(c), the microstructure constituents will decrease in size
as the cooling rate rises. The quantitative relationship between
dendrite arm spacing λ (or cell size for cellular structures) and
the cooling rate Ṫ is found as

λ = a Ṫ n, (5)

where a is a material constant, and n ranges from − 1
2 to − 1

3
for metals and alloys [64,65]. As shown in Fig. 5, a cooling
rate change from 0.25 × 106 to 2.1 × 106 K/m was observed
before and after the velocity jump (at ∼3μm away from
the melt pool boundary). Correspondingly, a dendrite arm
spacing/cell size change of 2–3 times is expected using the
relationship above. The simulation results are consistent with
experimentally observed morphology change. Qi et al. [19]
studied the laser powder bed fusion of near-eutectic Al-Fe
binary alloys. As shown in their scanning electron microscopy
(SEM) image of the as-built Al-2.5Fe alloy [Fig. 1(a)], a band
of relatively coarse cellular microstructure forms first near the
melt pool boundaries. The coarse cellular band is replaced
by a much finer cellular microstructure after ∼2μm from the
melt pool boundary, and the cell size change is ∼2–3 times.
Those observed microstructure features agree quantitatively
with the phase-field predictions.

Conversely, the MS simulation for Al-2Fe suggests a
different sequence of microstructure development. The so-
lidification starts at its maximum velocity in the melt-spun
ribbon, then gradually decreases until it reaches a transition
point ∼25μm away from the chill side. After that, the ve-
locity abruptly decreases and enters the low-velocity regime.
The transition between high- and low-velocity regimes takes
place over a relatively short portion of the solidified ribbon

microstructure with a thickness of ∼3μm. Eventually, the ve-
locity profile settles into the low-velocity regime and remains
almost unchanged. This velocity transition indicates that a
fine-to-coarse morphology change exists within the developed
microstructure. Our simulation results are at least semiquan-
titatively consistent with experimental observations of the
Al-2Fe melt-spun ribbon reported by Chu and Granger [21].
They identified the existence of a three-region microstruc-
ture with distinguishable microstructural features. As shown
in Fig. 1(b), starting from the bottom side of the melt-spun
ribbon, the thicknesses of the first two regions (I and II) were
∼18 and ∼3μm, respectively. Moreover, the arm spacing
measurements showed that the cellular structure was at least
10 times coarser in region III than the region closest to the
chill side (region I). Correspondingly, the first two regions
at the bottom of the ribbon were referred to as microcellular,
while the region at the free surface was called coarse cellular.

The accuracy of our model in predicting the location of
microstructure fineness alternation was confirmed by a com-
parison between the experimentally obtained microstructures
of the rapidly solidifying Al-2Fe alloy and the interfacial
velocity profiles obtained from MS and AM simulations. The
locations of transition points also lined up with those observed
in the interfacial temperature profiles depicted in Fig. 3. It
was suggested that the initial undercooling or the onset of
nucleation dictates the variations of growth rate (interface
velocity) throughout the solidification process, and the growth
rate in return decides the microstructure developed.

C. Development of fine microcellular microstructures

Microhardness measurements of annealed Al-Fe-V melt-
spun ribbons revealed that fine microcellular (“featureless”)
regions maintain greater microhardness levels over the whole
temperature range [20]. Depending on the application, in-
creasing the proportion of the fine microcellular region within
the rapidly solidified microstructure of melt-spun ribbon may
be advantageous. Hence, a thorough understanding of the mi-
crostructural formation mechanisms is required for achieving
desired properties in different applications. Nevertheless, the
formation mechanism of the fine microcellular region is not
fully understood because the controlling variables (interfa-
cial velocity, temperature, and solute concentration) at the
solid-liquid interface are not accessible. Here, the formation
mechanism of the fine microcellular region will be revealed
by thoroughly analyzing the evolutions of the controlling
interface variables during the MS process. This subsection
includes a comprehensive analysis based on the MS simula-
tion presented in the previous subsection. First, looking at the
Al-rich side of the Al-Fe system phase diagram, the solidifica-
tion path of the MS process will be precisely described using
the temperature and solute concentration values recorded at
the interface. Next, the rapid solidification of the melt-spun
ribbon will be further explored by tracing the variation of
solute concentration in the liquid and solid phases as the
solidification progresses.

To investigate the solidification path of MS, the evolution
of temperature and solute concentration of the interface are
plotted on top of the Al-Fe phase diagram. This phase dia-
gram is constructed based on the free energies [66] used for
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FIG. 6. The evolution of interfacial temperature and solute con-
centration plotted in the aluminum-rich side of the phase diagram for
the Al-Fe system.

the phase-field model. As shown in Fig. 6, the solidification
process in the melt-spun ribbon starts below the solidus line. It
continues as the solute concentration and temperature values
rise simultaneously until the solidification path intersects the
T0 line where the free energies of solid and liquid phases are
identical. The intersection of the solidification path and the T0

line is denoted as the deconfinement point since the complete
solute trapping occurs only when the system is located below
the T0 line and becomes thermodynamically unfavorable when
the solidification path crosses it and enters the right side of
the two-phase region [67]. Noticeably, from this point on, the
temperature profile displays a declining trend as the solute
concentration further increases. Hence, it is natural to ask the
following: (1) Does this deconfinement point correspond to
the boundary of the fine microcellular region? (2) If it does,
why does it happen at the T0 line?

To further examine this idea, the corresponding locations
of the deconfinement point in the interfacial velocity, tem-
perature, and solute concentration profiles are identified in
Figs. 3(a), 4(b), and 7, respectively. The deconfinement point
corresponds to a variation in the temperature vs interface po-
sition plot. As shown in Fig. 3(a), the interfacial temperature
gradually increases until it eventually reaches a maximum at
the deconfinement point (∼25μm away from the chill side),
followed by a sharp decrease. In terms of interfacial velocity,
the deconfinement point is identified to be at the same distance
from the chill side. The transition between the low- and high-
velocity regimes at the deconfinement point backs our prior
thickness estimation of the fine microcellular region based on
the MS velocity profile depicted in Fig. 4(b).

The solute concentration variations of the solid and liquid
phases throughout the whole solidified melt-spun ribbon are
plotted in Fig. 7 to illustrate the solute trapping effect across
the ribbon. (The method to determine the solute concentra-
tion on the liquid side of the interface is detailed in the
Supplemental Material [62].) It should be noted that the sim-
ulation results are for the evolution of the solidification front
only. The solidification front can be regarded as the front tip
of the solidifying dendrite or cell, which eventually becomes

FIG. 7. The evolution of solute concentration on the solid and
liquid sides of the interface as a function of distance from the chill
side.

the center of the primary dendrites or cells. On the sides of
the solidification front, the temperature may be higher due
to thermal diffusion, the interfacial velocity may be slower,
and solute segregation may happen. It was observed that the
solute concentrations of both phases at the solidification front
are the same as the nominal composition of the molten alloy
at the beginning of solidification, but as the interface proceeds,
the liquid concentration begins to gently increase while the
solid concentration remains the same throughout most of the
ribbon thickness. This is due to the decrease in interface veloc-
ity [Fig. 4(b)], which lessens the solute trapping effect. These
tendencies continue until the deconfinement point is reached,
after which the liquid concentration sharply rises while the
solid side experiences a clear fall (inset of Fig. 7). The uni-
form solid concentration prior to the deconfinement point
corresponds to the diffusionless solidification happening at
the solidification front, where a segregation-free single-phase
solid is produced with the same composition as the parent melt
[68]. However, as the solidification progresses sideways, the
interface velocity decreases leading to the formation of fine
microcellular structures. Therefore, this region corresponds to
the fine microcellular structure observed in MS. In summary,
our phase-field simulations not only predicted the possible
formation of the fine microcellular region in MS but also
demonstrated how the controlling variables vary when the
interface goes across the T0 line (the deconfinement point). A
key question that needs to be addressed is why those variables
change sharply at the deconfinement point. In the following,
we apply the thermodynamic analysis on rapid solidification
and explain why this happens.

The schematic free-energy curves and the corresponding
equilibrium phase diagram are shown in Fig. 8 to assist our
discussion on the thermodynamics of the solidification pro-
cess. The free energies of α-solid and liquid are identical only
at C0 where the two curves meet. The corresponding point
on the T0 curve is the deconfinement point at this temper-
ature (T1). At T1, for a given liquid of composition C1, the
corresponding free energies of liquid, α-solid, and two-phase
mixture are denoted as G1

L, G1
α , and G1

α+L, respectively. The
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FIG. 8. (a) The free energy curves of α-solid and liquid. (b) The
corresponding phase diagram.

possible range of α-solid compositions that may form from
the initial liquid C1 is restricted from 0 to C2. Here, C2 corre-
sponds to the intersection of the α-solid free-energy curve and
the tangent line II drawn at the starting composition C1. The
common tangent line I ensures the equilibrium of chemical
potential. Here, Ceq

α and Ceq
L correspond to the compositions

of equilibrium α-solid and liquid phases, respectively. In the
composition range between Ceq

α and Ceq
L , the mixture of α-

solid (of Ceq
α ) and liquid (of Ceq

L ) has the lowest total free
energy. As a result, the nucleated α-solid undergoes an atomic
rearrangement (referred to as local equilibrium) that alters its
composition to one that allows it to coexist with a liquid of a
different composition.

Given that G1
L is greater than G1

α and G1
α+L, the single-

phase liquid is thermodynamically unstable and has a driving
force for lowering its free energy to either G1

α or G1
α+L depend-

ing on the solidification process. In the equilibrium conditions
of a slow solidification where compositional changes occur,
long diffusion times are needed for a two-phase mixture to
emerge. The single phase α-solid (G1

α ) only forms in nonequi-
librium processing conditions where the liquid is undercooled
fast enough to alter its structure while maintaining the compo-
sition. Rapid solidification is an example of a nonequilibrium
process in which the original liquid quickly transforms struc-
turally into an α-solid of the same composition. This is
so-called diffusionless solidification when the partitioning of
solute atoms is not needed. Under equilibrium conditions, in
contrast, the initial liquid converts to a two-phase mixture
where partitioning is inevitable.

In the region where the composition is between C0 and Ceq
L ,

the free energy of α-solid is always greater than that of liquid,

which indicates that it is impossible to have diffusionless
solidification. This region corresponds to the space between
T0 and liquidus on the phase diagram. Therefore, when the
interface goes across the T0 curve, diffusionless solidification
is prohibited thermodynamically, while solute partitioning is
required instead. Therefore, a sharp change in solute concen-
trations on both the solid and liquid sides of the interface is
observed as shown in Fig. 7. Accordingly, the partition co-
efficient (ratio of solid concentration to liquid concentration)
increases dramatically. Because solute partitioning is a much
slower process than thermal diffusion, the interface velocity
is limited by solute diffusion. In other words, the control
mechanism of solidification growth switches from thermal-
to solute-diffusion controlled when the interface gets to the
deconfinement point (T0 curve). The sharp velocity decrease
causes a reduction in the release rate of latent heat. Conse-
quently, the temperature of the interface begins to decrease.

Based on the preceding discussions, we concluded that
the formation of the fine microcellular region in MS is due
to the large initial undercooling that induces high interface
velocities. The extraordinary driving force causes the phase
transformation to happen so fast that there is not sufficient
time for the system to fully explore all possible microscopic
states in the phase space. As a result, the solidification
proceeds with broken ergodicity as the local solidification
happens faster than local structural and chemical changes
and the solid appears from the liquid in a locally nonequi-
librium condition. When the velocity of solid-liquid interface
is equal or higher than the solute diffusion speed, the rapid
solidification may go through a diffusionless (or chemically
partitionless) transformation that could carry on over a range
of driving forces [69,70]. Hence, the initial rapid solidification
at the solidification front is diffusionless, and the interface
is thermal diffusion controlled. As the interface crosses the
T0 line, the solute partitioning becomes thermodynamically
required, the interface becomes solute diffusion controlled
beyond this point, and its velocity drops abruptly. Eventually,
this results in the formation of a relatively coarser microstruc-
ture. Therefore, the end of the fine microcellular region is
where the interface touches the T0 line (or the deconfinement
point defined in this paper).

D. The role of nucleation and initial undercooling

The fine microcellular region was predicted in our sim-
ulations with at least semiquantitative accuracy, so the
dependence of the thickness of this region on different con-
ditions can be further explored here. These conditions can be
classified into two subcategories: the processing variables and
material properties. The initial undercooling and the nominal
composition of the parent melt are found as the two most
important factors in controlling the formation of fine micro-
cellular regions.

First, we investigated the influence of undercooling on the
thickness of the fine microcellular region by utilizing three
different initial undercooling values, i.e., 373, 311, and 233
K. All the other material and simulation parameters are kept
the same for these three simulations. Figures 9(a) and 9(b)
depict the evolutions of growth velocity and temperature of
the interface as functions of the distance from the chill side,
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FIG. 9. (a) and (b) The interfacial growth velocity and temperature evolutions against the distance from the chill side, respectively. (c) The
thickness of fine microcellular region vs undercooling. (d) Interfacial temperature vs velocity.

respectively. All three case studies showed similar patterns
in velocity and temperature variations. The velocity profile
has distinct low and high regimes with a narrow transition
band, while the temperature is continuously increasing until
it reaches the corresponding deconfinement point position
where it drops abruptly. The highest temperature achieved in
all cases is ∼ 809 K, which is the same as the temperature
recorded at the deconfinement point in Fig. 6. Based on the ve-
locity profiles, the thickness of the fine microcellular regions
is measured and denoted by W1–W3. The deconfinement point
is assumed to be the location of the microstructural transi-
tion of fine to coarse. Moreover, as shown in Fig. 9(c), the
measured thickness of the fine microcellular region increases
linearly with the applied undercooling prior to nucleation.
Lastly, the temperature vs velocity curves depicted in Fig. 9(d)
show a very similar development path, except for a difference
in the starting points. In conclusion, the thickness of the fine
microcellular region formed from a melt of a given compo-
sition can be varied depending on the undercooling provided
at the chill side. Therefore, the size of the fine microcellular
region can be manipulated by changing the nucleation con-
ditions. Inoculation may greatly reduce the nucleation barrier
and leads to the formation of a thin fine microcellular region,
while by purifying the melt (reducing the impurities) the fine
microcellular region can be expanded.

E. The role of composition

Furthermore, the effect of the nominal composition on the
formation of the fine microcellular region is discussed here.

In this set of simulations, melts with nominal compositions of
2, 4, 6, and 8 wt. % Fe were subjected to a fixed undercooling
of 311 K. In all four cases, the solidification was allowed to
continue until the solidification front reached a distance of
30μm from the chill side. Then according to the position of
the deconfinement point in each case, the thickness of the fine
microcellular region was measured. Eventually, the fraction of
the fine microcellular region inside the melt-spun ribbon as a
function of the nominal composition of the melt (Fe content)
was plotted in Fig. 10.

The results showed a strong dependency of fine microcellu-
lar region fraction on the composition of the parent melt, e.g.,
the fraction of the fine microcellular region decreased from 46
to 32% when the composition of parent melt increased from
2 to 8 wt. % Fe. This dependency was previously noticed in
the rapidly solidified melt-spun Al-Fe alloys [59], which is
also plotted in Fig. 10 for comparison. Although the calculated
fraction of fine microcellular region is higher than what was
experimentally observed, especially for low-Fe alloys, our
findings support the dependency of fraction of fine microcel-
lular region on the Fe content. The observed disparity between
simulation and experiment may be caused by the selection of
the initial undercooling and the phase-field mobility Mφ . As
both the real initial undercooling and interface velocity are not
available from the experiments, we are unable to determine
those two parameters for the phase-field simulation.

The results from this part have demonstrated that the nom-
inal composition of the molten alloy has an impact on the
microstructural development of the fine microcellular region.
The composition of the matrix phase is closely related to the
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FIG. 10. Fraction of fine microcellular region (%) in melt-spun
ribbon as a function of Fe content. The experimental data is taken
from Chu and Granger [21].

solid solution strengthening and precipitation strengthening
effect. Superhigh strength of the fine microcellular region may
be achieved by manipulating the composition of the alloy and
suppressing initial nucleation. In addition, the aging heat treat-
ment of Al-Fe can introduce Al13Fe4 or Al6Fe intermetallic
phases, which show excellent stability at elevated tempera-
tures. Therefore, the findings above provide an avenue for
designing Al alloys for elevated temperature applications.

IV. CONCLUSIONS

In this paper, we investigated the microstructure develop-
ment in two rapid solidification processes, AM and MS, using
phase-field modeling. The phase-field model, which incorpo-
rated the coupled thermal-solute diffusion and solute trapping,
enables direct access to all the key variables of the growth
front (temperature, solute concentration, and velocity) for the
entire rapid solidification process of both AM and MS. The
variations of those variables show clear correlations with the
observed microstructure features. By further thermodynamic
and kinetic analysis, the underlying mechanism of microstruc-
ture development for AM and MS was revealed. The major
findings can be summarized as follows:

The phase-field model can reproduce the structural transi-
tions of coarse to fine (in AM) and fine to coarse (in MS) in
the rapid solidification at least semiquantitatively. The calcu-
lated width of each zone/layer agrees well with experimental
observations.

In AM, the solidification of the melt pool typically starts
with an epitaxial growth which requires almost no undercool-
ing and results in a relatively high initial interface temperature
and a low initial velocity. In MS, by contrast, the absence
of potent nucleation sites needs a considerable undercooling,
which leads to a super high initial velocity and hence bro-
ken ergodicity. Consequently, the rapid release of latent heat
increases the local temperature of the interface, resulting in
coalescence.

Due to different initial interface temperatures and veloci-
ties, AM and MS select different solidification pathways. AM
starts with a high temperature (liquidus), and the interface
temperature keeps decreasing. In contrast, MS starts with a
low temperature (below solidus), and the interface temper-
ature keeps increasing until it reaches the T0 line. Then the
interface temperature decreases gently.

The formation of layers/zones is caused by the switching
of the control mechanisms of solidification growth (or inter-
face movement). In AM, the solidification front is initially
controlled by solute diffusion and switches to thermal diffu-
sion controlled when the interface temperature drops below
solidus. In MS, it is the opposite. The solidification front is
initially controlled by thermal diffusion and switches to solute
diffusion controlled when the interface reaches the T0 line on
the phase diagram. The switching of the control mechanisms
causes an abrupt velocity change, which leads to the observed
coarse-to-fine and fine-to-coarse structural transitions in AM
and MS, respectively.

The selection of different solidification pathways caused
by the nucleation barrier provides a horizon for manipulating
the microstructures in rapid solidification processes. By con-
trolling the nucleation through inoculation or variation in alloy
chemistry, the microstructure transition sequence, layer thick-
ness, and phase selection can be manipulated. These findings
can be directly used in laser repairing processes to achieve
identical microstructures as the original component. They also
provide guidelines for designing functionally graded alloys,
as both similar and dissimilar solid phases may form during
the AM build. In summary, in this paper, we unveiled the
fundamentals of microstructure development during AM and
MS, which set the foundations for building a processing-
microstructure relationship in solidification processes.
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