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Testing of Rubber Composites Reinforced with Carbon Nanotubes
Reprinted from: Polymers 2022, 14, 3039, doi:10.3390/polym14153039 . . . . . . . . . . . . . . . . 101
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Preface to ”Advanced Testing of Soft Polymer
Materials”

Manufacturers of soft polymer products, as well as suppliers and processors of polymers, raw

materials, and compounds or blends are compelled to use predictive and advanced laboratory testing

in their search for high-performance soft polymer materials for future applications. Ideally, predictive

laboratory testing balances accuracy, relevance, instrument productivity and cost-effectiveness,

while providing new mechanistic insights and opportunities for modelling the overall properties

of materials and products. In this context, new concepts for soft polymer materials are of great

importance, taking into account new trends in many modern technological fields. New advanced test

methods and techniques will link to fundamental scientific principles, even showing how test results

from individual pieces of uncured/cured elastomers or other soft polymers relate to real geometry

and loading conditions of polymer parts, creating new opportunities to link laboratory test data from

soft polymer materials to the real product performance. Furthermore, the rapid development of

simulation tools offers great prospects for predicting the behaviour of soft polymer materials and their

durability based on unique data sets obtained through new advanced testing methods, including the

upcoming possibilities of artificial intelligence.

The collection of publications contained in this edition therefore presents different methods used

to solve problems in the characterization of various phenomena in soft polymer materials.

This reprint presents recent research results (Lindemann et al.) on the evaluation of the effect

of resin content on the glass transition of rubber compounds. Broadband dielectric spectroscopy

(BDS) and fast differential scanning calorimetry (FDSC) are applied for the characterization of the

dielectric and thermal relaxations as well as for the corresponding vitrification kinetics. The dielectric

behaviour of rubber is currently receiving considerable scientific attention and effort. Therefore,

the following two publications are devoted to this phenomenon. Aloui et al. experimentally

investigated the effect of plasticizer polarity on the mechanical stability of the filler network using

simultaneous mechanical and dielectric analysis, while Harea et al. studied the effect of local strain

distribution on the effective electrical resistivity of carbon black-filled natural rubber, combining for

the first time the digital image correlation (DIC) method with measurements of dielectric behavior

under mechanical stress. The DIC method is a very effective tool for describing the strain fields or

deformation of stressed bodies and Sotomayor-del-Moral et al. used this method very effectively

to analyze the viscoelastic Poisson’s ratio of different types of elastomers and also the thermal

effect under creep loading. J-B. Le Cam presents a simple and fast approach to characterize the

mechanical and energetic behavior of elastomers, i.e., how they consume the applied mechanical

energy. The methodology consists of performing a single uniaxial cyclic tensile test with simultaneous

temperature measurements, whereby the temperature measurements at the sample surface are

processed using the thermal diffusion equation to reconstruct the heat source fields, which in effect

amounts to surface calorimetry. The mechanical properties of elastomers are also the subject of

research by Kyei-Manu et al. to study the effect of colloidal properties of carbon black on statically

and dynamically loaded natural rubber. While standard test methods were used to characterize

the properties under static loading, a torsion rheometer was used to describe the properties under

dynamic cyclic loading. The effect of fillers on the various rubber properties is evident from the

studies presented, where the basic filler is mainly carbon black. Their characteristics and properties

have been studied in detail in many scientific papers. Carbon nanotubes are one of the very promising

materials that have a significant positive effect on rubber properties. Therefore, Bakošová and

ix



Bakošová studied the effect of reinforcement of rubber composites by carbon nanotubes, investigating

this phenomenon by atomic force microscopy (AFM), tensile tests, hardness tests and dynamic

mechanical analysis (DMA). The mechanical properties of the rubber are achieved through the curing

process, and therefore the process must be optimized to obtain a suitable rubber network. This topic

has long been extensively addressed in the studies of Poschl et al., who presented two articles in the

issue. The first publication deals with the rheometric evidence of the co-curing effect of bismaleimide

in conjunction with accelerated sulphur on natural rubber and chloroprene rubber blends, both from a

methodological and material point of view. The second publication deals with the identical topic, but

in combination with different halogenated rubbers. Within both topics, rotational rheometers were

used as a device to characterize the cure kinetics. Another type of curing is the effect of ultraviolet

radiation. This issue is addressed in the study by Datta et al. and here the effect of ultraviolet radiation

on rubber is characterized by determining basic mechanical properties, which are complemented by

infrared spectroscopy, contact angle analysis and scanning electron microscopy analyses. Loos et

al. investigated various elastomers in terms of their behaviour towards liquids such as moisture,

fuels or fuel components. For this purpose, an analytical procedure using sorption experiments in

combination with gas chromatography and mass spectrometry was presented, which is thus able to

accurately analyse the swelling behaviour of the elastomers. Gejguš et al. introduced high-frequency

dynamic stiffness measurements up to 3000 Hz on a newly developed test bench to characterize the

rubber material in the context of the engine mounts.

Thus, the present volume provides a comprehensive overview of the recent developments in the

field and will be of interest to both academic researchers and industrial professionals.

This work was supported by the Ministry of Education, Youth and Sports of the Czech

Republic—DKRVO (RP/CPS/2022/006).

Radek Stoček, Gert Heinrich, and Reinhold Kipscholl
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* Correspondence: niclas.lindemann@pci.uni-hannover.de

Abstract: Resins are important for enhancing both the processability and performance of rubber. Their
efficient utilization requires knowledge about their influence on the dynamic glass transition and their
miscibility behavior in the specific rubber compound. The resins investigated, poly-(α-methylstyrene)
(AMS) and indene-coumarone (IC), differ in molecular rigidity but have a similar aromaticity degree
and glass transition temperature. Transmission electron microscopy (TEM) investigations show an
accumulation of IC around the silanized silica in styrene–butadiene rubber (SBR) at high contents,
while AMS does not show this effect. This higher affinity between IC and the silica surface leads to an
increased compactness of the filler network, as determined by dynamic mechanical analysis (DMA).
The influence of the resin content on the glass transition of the rubber compounds is evaluated in the
sense of the Gordon–Taylor equation and suggests a rigid amorphous fraction for the accumulated IC.
Broadband dielectric spectroscopy (BDS) and fast differential scanning calorimetry (FDSC) are applied
for the characterization of the dielectric and thermal relaxations as well as for the corresponding
vitrification kinetics. The cooling rate dependence of the vitrification process is combined with
the thermal and dielectric relaxation time by one single Vogel–Fulcher–Tammann–Hesse equation,
showing an increased fragility of the rubber containing AMS.

Keywords: glass transition; kinetics; rubber; resin; BDS; FDSC

1. Introduction

The properties of elastomer-based materials can be modified by blending different
polymers [1–3] and mixing them with various additives, such as fillers [4,5], plasticiz-
ers [6–8] and different vulcanization systems [9–12] for a wide variety of technical appli-
cations. A frequently used form of modification is the coupling of the rubber matrix with
reinforcing fillers in order to tailor the mechanical properties to the application [4]. Apart
from carbon black as a conventional filler, precipitated silica with a silane coupling agent is
state-of-the-art in tire compounds [4,13]. The advantage of silica arises with an adaption
of the polymer to solution styrene–butadiene rubber (SBR) [14,15]. The silica-filled rubber
provides a lower rolling resistance and higher wet traction without decreasing the abrasion
resistance [13].

High amounts of fillers can disturb the processability of rubber compounds due to
their higher viscosity. Oils and resins are used to counteract this rheological behavior.
Additionally, the tackiness of the rubber compounds can be increased by some types of
resins [16–18]. Hydrocarbon resins, with a high glass transition temperature, Tg, and a
melting point, Tm, at the processing temperature are beneficial in preserving the rubber
compound hardness at the service temperature [16]. This is where the possibility to
decrease the rolling resistance of a tire or to lower fuel consumption occurs and therefore,
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contributes to a reduction in CO2 emissions. On the other hand, the hardness of the rubber
compound does not necessarily decrease the braking performance to the same degree.
The rolling resistance mainly correlates with a dynamic excitation at low frequencies of
around 100 Hz, while higher frequencies of around 105 Hz are characteristic of traction [19].
Hence, the material properties at different frequencies are important parameters, which
are strongly linked to molecular dynamics and the local structure in the elastomer system.
The glass transition is a phenomenon sensitive to molecular dynamics. Its modification,
due to local structural changes, is, therefore, the focus of many investigations [19,20].
Two manifestations are characteristic of the glass’ transition: (i) the relaxation process,
measured by frequency-dependent dynamical experiments in the rubbery state, which is
also called “dynamic glass transition”; and (ii) the vitrification process, occurring during
cooling as the transformation from a soft rubbery state into a solid glassy state [19].

The addition of plasticizers in the rubber matrix increases the flexibility of the polymer
chains and usually decreases the Tg of the rubber compound [8,21]. The influence on the
dynamic properties depends on the specific combination of plasticizer and rubber. For a
flexible plasticizer having a small molecular size, the strength of the attractive interactions
between the polymer and the plasticizer is of great importance for the dynamical glass
transition [22]. In contrast to plasticizers, resins usually increase the Tg of the rubber
compound [23,24]. Furthermore, the miscibility between resin and the host polymer is
more often crucial [25].

With the addition of nanosized filler particles, the rubber compound becomes a poly-
meric nanocomposite showing additional interfacial phenomena. The surface of silica
fillers mostly leads to a reduced mobility with a slower relaxation process of the host
polymer [26–29]. The enhanced properties of the rubber compound are related to these in-
terfacial interactions [30,31]. The interfacial effects result from both the interactions between
the host polymer and the silica fillers (polymer–filler interaction) and interactions between
the silica fillers among each other (filler–filler interaction). To increase the compatibility
between silica and the host polymer, surface modifications of the silica are necessary [4,32].
Increasingly, the host polymer is functionalized as well [33,34]. Filler–filler interactions are
necessary to build a network structure which provides reinforcing properties. Besides the
surface modification, the surface area of the particles is critical for the mechanical properties
of the rubber compound [35,36].

In this study, we characterize the variations in the molecular dynamics of a silica-filled
styrene–butadiene rubber (SBR) system, which is mixed with two different resins: poly-
(α-methylstyrene) (AMS) and indene-coumarone (IC). These resins differ in rigidity [37]
but have a similar aromaticity degree and glass transition temperature (Tg ≈ 45 ◦C). The
efficient use of the resins depends on the miscibility between the resin and the polymer.

The morphology of the resulting rubbers is investigated by transmission electron
microscopy (TEM). The influence of the composition on the relaxation behavior and glass
transition is evaluated by conventional differential scanning calorimetry (DSC), fast differen-
tial scanning calorimetry (FDSC), temperature-modulated FDSC and broadband dielectric
spectroscopy (BDS).

Dynamic glass transition takes place in the structurally equilibrated super-cooled melt
as a thermal relaxation process, characterized by the relaxation time, τ, and the dynamic
glass transition temperature Tg,ω [38]. During vitrification, the structurally equilibrated
super-cooled melt transforms into a non-equilibrated glassy state. This transformation
depends on the cooling rate βc [19,39] and correlates with the relaxation time [40]. The corre-
lation between βc and τ has been described for thermoplastics [41–43] and unfilled solution
styrene–butadiene rubber (SBR) [44] elsewhere, and is valid for the silica-filled SBR used in
this study.

In this article, we investigate the influence of AMS and IC on the glass transition and
the kinetics of relaxation and vitrification in vulcanized-SBR filled with silica. Furthermore,
the affinity of the resin to accumulate at the silanized silica surface and the consequences
for the filler network are studied.
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2. Materials and Methods
2.1. Materials

The materials for this investigation are the solution styrene–butadiene rubbers (SBR)
vulcanized with sulfur and filled with silica. They consist of a systematic variation in resin
content. The resins are poly-(α-methylstyrene) (AMS) and indene-coumarone (IC). The
chemical structures of SBR, AMS and IC are shown in Figure 1.

Figure 1. (a) Chemical structure of poly-(α-methylstyrene) (AMS), n ≈ 10; (b) chemical structure
of indene-coumarone (IC) resin x + y ≈ 10 with a proportion of 95% indene and 5% coumarone;
(c) chemical structure of styrene–butadiene rubber (SBR). Styrene groups (s), chain part in trans-
orientation (t), m > 6000.

The formulations are given in Table 1. It is common practice in the rubber industry to
develop compound formulations using the non-SI unit “parts per hundred rubber” (phr)
for the weight of a component per 100 units of rubber. The relation between phr and the
weight percentage for a component i is given by

wt%i = phri/ ∑j phrj (1)

and shown for the resins in Table 2.

Table 1. Formulation of the rubber compounds used in this study.

Ingredients Quantity [phr 1]

SBR 2 100
Silica 60

TESPD 3 4.3
6PPD 4 2.0
Wax 5 2.0

Zink oxide 2.5
Stearic acid 2.5

DPG 6 1.0
CBS 7 2.0
Sulfur 2.0

AMS 8 or IC 9 0/20/40/60/80
1 Non-SI unit, parts per hundred rubber (phr); 2 microstructure: 30% cis, 28–32% vinyl, 15% styrene, 42% trans;
3 bis-[3-(Triethoxysilyl)-propyl]-disulfid; 4 N-(1,3-Dimethylbutyl)-N’-phenyl-p-phenylenediamine; 5 mixture of
refined hydrocarbons and plastics; 6 1,3-Diphenylguanidine; 7 N-Cyclohexylbenzothiazol-2-sulfenamid; 8 poly-(α-
methylstyrene), Mw = 1296 g/mol, PDI = 1.78; 9 indene-coumarone (IC) resin with a proportion of 95% indene,
Mw = 1092 g/mol, PDI = 3.07.
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Table 2. Amount of resin in phr and wt% as well as the amount of the total rubber compound in phr.

Amount Resin [phr] Amount Total Mixture [phr] Amount Resin [wt%]

0 178.3 0
20 198.3 10.1
40 218.3 18.3
60 238.3 25.2
80 258.3 31.0

2.2. Mixing and Vulcanization

The ingredients were mixed in a two-step mixing process with a 300 mL miniature
internal mixer Haake Rheomix (Thermo Fisher Scientific, Waltham, MA, USA). In the
first step, all ingredients, except the vulcanization system (DPG, CBS and sulfur), were
mixed at around 140 ◦C for 3 min. After adding the vulcanization system in the second
step, the rubber compound was mixed at 80 ◦C for 3 min to avoid premature crosslinking.
Afterwards, the samples were vulcanized at 160 ◦C, according to t90, the time for the
90% crosslinking, as listed in Table 3. The t90 time was determined according to ASTM
D5289 [45].

Table 3. Vulcanization times t90 for the SBR compounds with variating resin content.

Amount Resin [phr] t90 [min]
AMS IC

0 13
20 18 14
40 19 17
60 21 19
80 22 20

2.3. Methods
2.3.1. Broadband Dielectric Spectroscopy (BDS)

The dielectric measurements were performed with an Alpha-A High-Performance
Frequency Analyzer with a Novocool cryo-system (Novocontrol Technologies, Montabaur,
Germany). The isothermal frequency sweeps, between 0.1 Hz and 2 × 106 Hz, were
performed in a temperature range from −100 ◦C to 70 ◦C with an increment of 5 K.
Specimens with a thickness from 150 µm to 250 µm were mounted between two round
gold-plated electrodes in a plate-capacitor arrangement with a diameter of 30 mm.

2.3.2. Conventional Differential Scanning Calorimetry (DSC)

Conventional DSC measurements were performed with a DSC 1 (Mettler-Toledo,
Greifensee, Switzerland) equipped with the liquid nitrogen cooling option and the HSS-8
sensor. The device was adjusted with n-octan, water, indium and zinc. The scanning rate
was 10 K/min in a temperature range between −140 ◦C and 40 ◦C. The specimen was
cooled and subsequently heated. In between these scanning segments, the instrument was
equilibrated for 3 min. The specimens were prepared as cylindric sheets with a thickness
of about 0.3 mm and a diameter of 4 mm. They were measured in a hermetically sealed
standard Al-crucible.

2.3.3. Fast Differential Scanning Calorimetry (FDSC)

The FDSC experiments were performed using a Flash DSC 1 (Mettler-Toledo, Greifensee,
Switzerland) equipped with an Intracooler TC100 (Huber, Offenburg, Germany) to reach
the low temperature needed for the analysis of the glass transition in elastomers. The UFS
1 sensor was purged with a 20 mL/min nitrogen gas. The sensor’s support temperature
during the measurement was set at −95 ◦C.

4
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Samples of the rubber compounds with a resin content of up to 40 phr were prepared
as slices of 6 µm thickness using a cryo-microtome MT-990 (RMC Boeckeler, Tucson, AZ,
USA) equipped with a glass knife operated at −60 ◦C and a cutting speed of 1 mm/s. The
microtomic slices were cut with a scalpel to attain a final specimen shape smaller than
(150 µm)2, which is comparable to the area of the center of the active zone of the sensor.
The stickier specimens, prepared from the rubber compounds with higher resin contents,
were first shaped in the cryo-microtome using an angulated diamond knife. A slice of 6 µm
thickness was cut and carefully placed on the chip sensor, which was stored inside the
cryo-chamber of the microtome. In this way, flat and thin specimens were produced that
exhibited a good thermal contact when placed within the active zone of the chip sensor [46].

The prepared specimens were cooled from 40 ◦C to −95 ◦C at rates between 1500 K/s
and 0.1 K/s, and were subsequently heated at a rate of 1000 K/s to determine the cooling
rate dependence of the glass transition. The glass transition temperature is defined as the
limiting fictive temperature [47–49]. To evaluate the thermal contact between the specimen
and sensor, measurements with a cooling and heating rate of 1000 K/s were performed for
each specimen. As expected for a sufficient thermal contact, the fictive temperatures that
were measured during the cooling and subsequent heating were identical within the limits
of experimental uncertainty. Thus, the preparation was considered to be successful [47].

Temperature-modulated fast differential scanning calorimetry (TM-FDSC) was per-
formed for the selected specimens using a sawtooth-modulation function (Figure 2). The
temperature amplitude was 2 K, and the period was 0.1 s. The underlying cooling rate was
−2 K/s between 0 ◦C and −60 ◦C. The TM-FDSC measurements were evaluated using the
first harmonic of Fourier analysis.

Figure 2. Sequence of the temperature program for temperature-modulated fast differential scanning
calorimetry (TM-FDSC).

The resulting scanning rates were fast enough to obtain a suitable signal and slow
enough to achieve a high resolution without any smearing effects (see ref. [41]). The temper-
ature program was devised as a sequence of heating and cooling steps and were calculated
as follows: (1) Cooling step of 2.1 K with a cooling rate of −42 K/s; (2) heating step of 1.9 K
with a heating rate of 38 K/s; (3) repetition of steps 1 and 2 until the lowest temperature of
−60 ◦C is reached.

The calibration of the sensor was performed with a post-measurement calibration
using adamantane as a reference substance. Further details on the sample preparation and
calibration are given in ref. [44].
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2.3.4. Transmission Electron Microscope (TEM)

The TEM investigation was performed on a JEM-1400 (Jeol, Tokyo, Japan) using
an acceleration voltage of 100 kV. Specimens of 60 nm thickness were cut with a cryo-
ultramicrotome Leica EM UC6/EM FC6 (Leica Microsystems, Wetzlar, Germany) equipped
with a diamond knife. The cutting temperature was −55 ◦C.

2.3.5. Dynamic Mechanical Analysis (DMA)

DMA investigations of the vulcanized specimens were performed in compression
mode on a DMA Gabo Eplexor® 150N (Netzsch, Ahlden, Germany). Strain sweeps between
0.1% and 12% and at a frequency of 10 Hz were performed at 55 ◦C with a static strain of
20%. The samples were prepared as cylindrical specimens with a diameter and height of
10 mm, respectively.

3. Results and Discussion
3.1. Structural Investigation

The structure of the rubber compounds at high concentrations of resin was visualized
using TEM imaging. Figure 3a,b show the TEM images of the rubber compounds containing
80 phr AMS and IC, respectively. The image of the rubber compound containing AMS
(Figure 3a) shows a homogenous matrix with silica-filler particles forming aggregates in
the matrix. The AMS is indistinguishable from the polymer. In the case of the IC compound
(Figure 3b), the silica-filler particles are surrounded by a substance of 5 to 10 nm thickness.

Figure 3. (a) TEM image of the rubber compound containing 80 phr AMS as resin; (b) TEM image of
the rubber compound containing 80 phr IC as resin.

To identify this substance, the filler particles were irradiated with the focused electron
beam of the TEM. The substance around the filler particles was easily damaged (Figure 4), as
is known for organic matter. While the primary damage mechanism is caused by inelastic
scattering, the damage of the organic substance is due to heat and bond scission [50].
This organic substance in the rubber compound containing IC tends to accumulate at the
silica–polymer interface. It has an affinity for the silica particles.
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Figure 4. TEM image of the rubber compound containing 80 phr IC as resin showing the organic
matter being sensitive to beam damages. The images were taken after different times of radiation
treatment. (a) shows the untreated sample, and between (b–d), the treatment time was extended by
5 s each.

3.2. Linearity of the Mechanical Response

Rheological linearity occurs when the modulus is invariant with respect to the strain
amplitude. Elastomers containing reinforcing fillers show a decrease in the dynamic
storage modulus, E′, with an increasing strain amplitude, εa (Payne-effect) [4,51,52]. The E′-
εa diagram for both the AMS (a) and the IC rubber compounds (b) is displayed in Figure 5.
As expected, the modulus decreases with the increasing resin content. The linearity limit,
indicated on the curves in Figure 5, is defined as the strain amplitude at which E′ is reduced
by 2%. This limit is always lower for SBR-IC (Figure 6).

Figure 5. (a) Strain sweeps of AMS compounds; (b) strain sweeps of IC compounds. The linearity
limit is indicated on the curves.
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Figure 6. Linearity limit of the mechanical response as a function of the resin content.

The nonlinear behavior is due to the disruption of the filler–filler network and, there-
fore, is related to the percolation threshold [53]. Syed et al. showed a reduced filler
percolation threshold for carbon black filled rubber with an increasing resin content [54].
The resin interacts with the surface of the filler, acts as an activator, and builds a more
compact filler network [54].

For the rubber compound in this study, the IC that accumulated at the silica sur-
face likely acts in a similar way and led to a more compact filler network. This higher
compactness of the filler can lead to a stronger nonlinearity of the SBR-IC, as shown in
Figures 5 and 6.

3.3. Composition Dependence of the Glass Transition

The glass transition temperatures, Tg, are measured by DSC at a cooling rate of
10 K/min. As shown in Figure 7, Tg increases with the increasing resin content. For
the determination of the weight fraction, only the amorphous components (polymer and
resin) are considered. The initial slope in the diagram in Figure 7 is larger for the SBR-
AMS compared with the SBR-IC. Similar behavior was found for the AMS and IC in
polybutadiene rubber [37,55]. The glass transition dependence of a mixture of amorphous
components is usually described by the Gordon–Taylor (GT) equation [56,57]:

Tg,mix=
wcTg,c + kwrTg,r

wc + kwr
(2)

where w stands for the weight fractions and Tg for the glass transition temperatures, the
indices c and r refer to the polymer components and the pure resin, respectively. The GT
parameter k is a fitting parameter. The fitting curves using Equation (2) are shown in
Figure 7. The values of the GT-parameters are calculated as kfit,IC = 0.30 for the SBR- IC and
kfit,AMS = 0.44 for the SBR-AMS.

For the athermic mixtures, the GT parameter is [58]:

k =
∆cp,r

∆cp,c
. (3)

With the intensity of the glass transition for SBR, ∆cp,c = 0.51 J/gK, the calculated kcalc
values are obtained and listed in Table 4.
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Figure 7. Glass transition temperatures of the different rubber compounds as a function of the resin
content in relation to the amorphous components. The lines represent the Gordon–Taylor fits.

Table 4. Intensity of the glass transition of the pure resins and the calculated and fitted k values.

Resin ∆cp,r[J/gK] k0 kfit

AMS 0.35 0.65 0.44
IC 0.33 0.69 0.30

Both resins show significant differences between kfit and k0. Hence, the specific
molecular interactions between the resin and the polymer are expected [59], resulting in
the rubber compounds being thermic mixtures. The difference between kfit and k0 increases
for the SBR-IC compared to the SBR-AMS. This could be a consequence of the stronger
molecular interactions between the SBR and IC, or a decreased effective resin content in the
polymer-resin mixture caused by the increased amount of IC at the silanized silica surface
(Figures 3 and 4). However, the reduced IC content is most likely not sufficient for the large
difference in kfit.

The increase in the width of the calorimetric glass transition, ∆Tw, with an increasing
resin content (Figure 8) is stronger for the SBR-AMS compared with SBR-IC. Besides the
effect of the reduced effective IC content, the IC is expected to have stronger specific
molecular interactions with the SBR compared to AMS. The width of the calorimetric
glass transition can be understood as a more reliable value for the determination of the
miscibility behavior in the polymer blends compared to the shift in the glass transition
temperature [60].

The width of the calorimetric glass transition is related to the average temperature
fluctuation in the cooperative rearrangement regions (CRR) [40]. The size of those regions
decreases with an increasing temperature fluctuation, and consequently, the size of the
CRR is expected to be bigger for the IC compound compared to the AMS compound at the
same resin level [61]. The interactions of IC with the polymer might yield a decrease in the
volume of the independently movable regions, the CRRs. This effect is less pronounced for
AMS. Thus, the less flexible IC in the SBR matrix may reduce the mobility of the polymer
chain segments responsible for the glass transition more than AMS at the same content.
Since the aromaticity degree and the glass transition temperature of both resins, AMS
and IC, are very similar, it can be assumed that the reduced interactions are due to the
differences in their molecular rigidity.
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Figure 8. (a) Width of the glass transition determined as the difference between the onset and the
offset as a function of the resin content. (b) Intensity of the glass transition as a function of the
resin content.

The intensity of the glass transition, ∆cp, decreases in the case of the SBR-IC, while
AMS increases the intensity of the glass transition (Figure 8b). The decrease in ∆cp of the
SBR-IC indicates a reduced contribution of amorphous material for this glass transition.
In the case of partial-phase separation, a second glass transition at higher temperatures,
or at least a significant broadening of the glass transition, is expected. Such behavior was
not found. The accumulation of the IC-based material, together with the decrease in ∆cp,
indicates the formation of a rigid amorphous fraction on the silica surface [27,62].

3.4. Dielectric Relaxation

To characterize the relaxation behavior in a wide frequency range, dielectric measure-
ments were performed. The dielectric loss ε” is normalized to the peak maximum and
plotted in Figure 9 as a function of the angular frequency ω at −10 ◦C for all rubber com-
pounds under investigation. The peak is caused by the α-relaxation. The peak frequency
decreases with the increasing resin content. The peak shift is stronger for the SBR-AMS
compared with SBR-IC.

Figure 9. Dielectric losses as a function of the frequency normalized to the peak maximum of the
α-relaxation for all rubber compounds measured at −10 ◦C. (a) and (b) show curves of samples with
different resin contents in two groups to improve visibility. The fits, according to Equation (6) of the
conductivity contributions and the relaxation processes, are indicated separately.
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The decay of the curves at low frequencies is caused by both the contribution of
conductivity

σ(ω) =
σ0

iωε0
(4)

and the Maxwell–Wagner–Sillars relaxations, which are triggered by the tapping of the
charge carriers at the silica/polymer interface [26,63–67]. The latter effect can be taken
into account in the dielectric loss equation by adding the exponent N to the frequency
dependence of the conductivity contribution resulting in [28,68]

σ(ω) =

(
σ0

iωε0

)N
. (5)

The accumulation of charge carriers at the interface can lead to a formation of a high
dipole moment [65,69]. This leads to strong signals in the BDS measurement compared to
the rubber compounds having a low polarity.

Symmetric relaxation processes, such as the α-relaxation in SBR [10,70], can be de-
scribed by the Cole–Cole equation with a shape constant α. The complex permittivity
function can be described by

ε∗(ω) =ε∞ +
∆ε

1 + (iωτ)α +

(
σ0

iωε0

)N
(6)

where i is the imaginary unit, ε∞ is the high-frequency limit of the permittivity, ∆ε is the
relaxation strength, and τ is the characteristic relaxation time. The characteristic relaxation
time τ can be determined from the peak maximum of the dielectric loss peak by ωmaxτ ≈ 1,
where ωmax is the angular frequency at the maximum of the fitted relaxation function.

The vulcanization accelerator, DPG, is known to show a dielectric response that is
slightly slower compared to the α-relaxation of SBR, which is possibly coupled to the
segmental dynamics of the polymer [10,71]. For the silica-filled rubber compounds, DPG
is assumed to be adsorbed by silica, which decreases the relaxation strength of this slow
process [10]. Together, with the increasing strength of MWS and conductivity contribution,
the slow process becomes indistinguishable within the curves.

3.5. Thermal Relaxation
3.5.1. Temperature Modulation

Thermal relaxation was measured by temperature-modulated DSC (TM-DSC) using
the approach of the frequency-dependent complex heat capacity [72,73]

cp
∗(ω, T) = c′p(ω, T)− i c′′p(ω, T). (7)

The FDSC measurements were performed by means of sawtooth modulation. The
evaluation was carried out by Fourier analysis of the first harmonic at a frequency of
f = 10 Hz and an underlying cooling rate of 2 K/s. As an example, the complex heat
capacity component cp* of the rubber compound containing 80 phr AMS is shown in
Figure 10. The characteristic relaxation time is τ = 1/(2 π f ) = 16 ms. The respective
temperature is taken from the inflection point of the cp*(T) curve.

3.5.2. Vitrification

The cooling rate dependence of the glass transition characterizes the thermal relaxation
behavior [40]. The characteristic glass temperature, Tg, of the vitrification is indicated by
the limiting fictive temperature, Tf:

Tg = Trl −
Trl∫

Trg

φ(T)− φg(T)
φl(T)− φg(T)

dT, (8)
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where φ(T) is the measured heat flow curve, φl(T) is the extrapolation of the liquid state,
and φg(T) is the extrapolation of the glassy state. Trl and Trg are the reference temperatures
in the super-cooled liquid and glassy state, respectively [74,75].

Figure 10. Complex heat capacity curve of the rubber compound containing 80 phr AMS. The
intersection point at Tg = −32.3 ◦C is indicated.

The cooling rate dependence of Tg is measured in a range between 0.1 and 1500 K/s.
To determine Tg, the specimens were subsequently heated at 1000 K/s. This method can
be applied because the limiting fictive temperature of the heating curve is identical to that
of the previous cooling if no aging in the glassy state occurs. This is a consequence of the
conservation of energy [76].

Figure 11a shows the selected heating curves that were measured after cooling at
different rates. As expected, Tg increases with an increasing cooling rate. Due to the
hysteresis of the glass process, an overheating peak appears at the high-temperature side
of the glass transition interval if the cooling rate βc is lower than the heating rate βh
(|βc| < βh). The intensity of this peak increases with growing differences between the
cooling and heating rates. The glass transition temperature, defined as the limiting fictive
temperature, is a measure of the configurational entropy of the glass. Both properties
decrease with the decreasing cooling rate.

Figure 11. Selected FDSC curves at 1000 K/s measured after cooling at the indicated rates (a) for the
rubber compound without resins; (b) for the rubber compound containing 80 phr AMS; (c) for the
rubber compound containing 80 phr IC. The glass transition temperatures are indicated.
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Figure 11b,c show the selected heating curves that were measured after cooling at
different rates for the rubber compounds containing 80 phr AMS and IC, respectively. In
agreement with the conventional DSC measurements, both the shift and the broadening
of the glass transition step increase stronger in the rubber with AMS compared with the
IC. The enthalpic overshoot appears to be less pronounced for the rubber compounds
containing 80 phr AMS compared with the sample containing 80 phr IC. This indicates a
variation in the relaxation spectrum in the composites.

The cooling rate dependence of the glass transition temperatures shows differences
between the two resins. The sample containing 80 phr IC exhibits a shift between the Tg
measured after cooling at 1000 K/s and 0.1 K/s of 10.9 K. This is significantly larger than
the same shift of the composite containing 80 phr AMS of 8.8 K.

3.6. Influence of the Composition on the Relaxation Kinetics

In the structurally equilibrated super-cooled liquid, the temperature dependence of
the relaxation frequency 1/τ follows the Vogel–Fulcher–Tammann–Hesse (VFTH) equa-
tion [77–80]:

log
(

τ−1·1 s
)
= A− B

T − TV
(9)

where A is the logarithm of the pre-exponent factor, B is the curvature parameter and TV
is the Vogel temperature. The curvature parameter is related to the dynamic fragility m
as [40,81–84]:

m =
BT

(T − TV)
2 , (10)

which describes the deviation from Arrhenius behavior.
The activation diagram of the dielectric relaxation process is plotted in Figure 12.

The DC conductivity and the Maxwell–Wagner–Sillars effect limit the measurement at
low frequencies. The frequency range is, therefore, expanded using the data of the ther-
mal relaxation. It has been shown for many materials that the activation curves of the
dielectric permeability and the frequency-dependent dynamic heat capacity cp* are compa-
rable [42,73,85,86].

Figure 12. Activation diagrams of the different rubber compounds. The left ordinate is the logarithm
of the reciprocal dielectric relaxation time of both BDS and TM-FDSC. The right ordinate is the
logarithm of the cooling rate for both DSC and FDSC. The abscissa characterizes the measurement
temperature of the dielectric measurements and the fictive temperature determined by the DSC and
FDSC measurements, respectively. Data determined by: BDS (black) FDSC (blue), TM-FDSC (green),
DSC (red). (a) Compounds containing IC; (b) compounds containing AMS. VFTH-fits are shown for
the samples without resin and the samples containing 80 phr IC and AMS, respectively.
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The cooling rate dependence of the vitrification process is related to the thermal
relaxation time [40,42,44,87,88]. For the thermo-rheologically simple materials, the relation
between the relaxation time, τ, and the cooling rate of the vitrification process follows the
Frenkel–Kobeko–Reiner (FKR) equation [40,44]:

log(βcτ/1 K) = C (11)

The logarithmic shift of C = 1.6 is determined by the best overlap between the cooling
rate-dependent vitrification data and the dielectric and thermal relaxation frequencies,
respectively. This fact agrees with our previous findings for the unfilled SBR without
resin [44] and indicates the thermo-rheological simplicity of the investigated materials.
Hence, the confinement effects do not play a role in the systems in this investigation [89].

The combined dataset describes the temperature dependence of the relaxation time
in a wide range of about ten orders of magnitude and can be described by a single VFTH
equation (Equation (9)). The fit parameters are listed in Table 5. Additionally, the fragility
parameter m is determined at T = Tg using Equation (10).

Table 5. VFTH parameters of fitting the combined data in Figure 12 with Equation (9). The fragility
index m is calculated using Equation (10).

Sample A B [K] Tv [K] m Tg (100 mHz) [◦C]

Without resin 10.4 355 186 92 −59
20 AMS 10.8 397 189 91 −52

20 IC 10.7 379 191 94 −52
40 AMS 9.3 242 208 121 −44

40 IC 10.2 316 200 106 −47
60 AMS 9.1 222 214 129 −39

60 IC 9.7 277 206 114 −43
80 AMS 8.9 197 220 142 −35

80 IC 9.6 269 208 115 −41

The high-frequency limit for all rubber compounds is approximately identical (Figure 12),
while the low-temperature limit (the Vogel temperature) differs with the changes in the
composition. This leads to the assumption that the information of the variation in the
Vogel temperature, TV, in the system of investigation, is comparable with that of curvature
parameter B and the dynamic fragility m. The linear correlation between these parameters
is shown in Figure 13.

Figure 13. Indication of the linear correlation of both the curvature parameter and the fragility
parameter with the Vogel temperature for the system of investigation.
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The fragility index m is plotted versus the amount of resin in Figure 14. A higher
amount of resin leads to a higher dynamic fragility of the rubber compound. This effect
appears to be less pronounced for the SBR-IC compared to the SBR-AMS and vanishes at
high IC concentrations.

Figure 14. Fragility as a function of the resin content.

4. Conclusions

Resins are important additives in rubber compounds for enhancing both processability
and the material properties. For efficient use, knowledge is needed about the effect of resins
on the dynamic glass transition and the miscibility behavior in the rubber compound.

The resins AMS and IC, having a similar aromaticity degree and different molecular
rigidity, are used as additives in vulcanized, silica-filled SBR. The structural investigations
by TEM show an accumulation of IC around the filler particles at high contents, whereas no
additional substance could be detected around the filler particles for the rubber compounds
with AMS. The accumulation of IC on the silica particles generates a more compact filler
network, which leads to a reduced filler percolation threshold, determined by the DMA
measurements of the Payne-effect in a compression mode.

The phase diagram of the SBR-resin mixtures results in an increased difference between
the theoretical GT parameter of an athermal mixture and the corresponding fit value. This
indicates an increased specific interaction between the SBR and IC and, consequently, a
higher affinity of IC to accumulate at the silica surface. The reduced intensity of the glass
transition indicates the formation of an IC-enriched rigid amorphous fraction on the surface
of the filler particles.

For both systems, the dielectric and thermal relaxation measurements result in the
same activation curves, which differ depending on the type of resin and its content. The
kinetics of vitrification were studied by the measurement of the cooling rate dependence
of the glass transition by FDSC. According to the FKR equation, all activation curves of
relaxation and vitrification overlap after shifting by the constant factor C = 1.6. This value
agrees with the findings for unfilled SBR [44]. The validity of the FKR equation indicates
thermo-rheological simplicity and enables the description of the glass process by a single
VFTH equation in a frequency range of over ten orders of magnitude.

The effect of resin on the frequency dependence of Tg is strong at low frequencies,
while the high-frequency limit is almost unaffected by the composition. This finding might
open possibilities of efficiently tuning the material properties of rubber regarding the
frequency response characteristics.
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Abstract: Four styrene butadiene rubber (SBR) compounds were prepared to investigate the influence
of the plasticizer polarity on the mechanical stability of the filler network using simultaneous mechan-
ical and dielectric analysis. One compound was prepared without plasticizer and serves as a reference.
The other three compounds were expanded with different plasticizers that have different polarities.
Compared with an SBR sample without plasticizer, the conductivity of mechanically unloaded oil-
extended SBR samples decreases by an order of magnitude. The polarity of the plasticizer shows
hardly any influence because the plasticizers only affect the distribution of the filler clusters. Under
static load, the dielectric properties seem to be oil-dependent. However, this behavior also results
from the new distribution of the filler clusters caused by the mechanical damage and supported by
the polarity grade of the plasticizer used. The Cole–Cole equation affirms these observations. The
Cole–Cole relaxation time τ and thus, the position of maximal dielectric loss increases as the polarity
of the plasticizer used is also increased. This, in turn, decreases the broadness parameter α implying
a broader response function.

Keywords: plasticizer; polarity; carbon black network; simultaneous mechanical and dielectric
analysis; mechanical stability

1. Introduction

Plasticizers are a widely used additive in rubber compounds [1–4]. They are partic-
ularly important and, as the third-highest ingredient in terms of content level, come in
right after rubber and fillers. As processing aids, the plasticizers are added in different
concentrations in order to impart rubber products with the desired elastic properties in the
operating temperature range [5–10].

As a fluid component, the plasticizer migrates in the rubber matrix and its macro-
molecules are integrated into the polymer chains through intermolecular interactions.
Consequently, the intermolecular forces of the polymer chains and the number of free
valences in the three-dimensional structure are reduced. The internal space between the
polymer chains is thus larger, and the free volume that allows the polymer chains to flow
above their glass transition temperature increases [11–15]. This new conformation of the
polymer chains, in turn, increases their mobility and enhances the filler distribution in
the rubber mixture [16–21]. Above a certain percolation threshold, a filler network is
formed that reinforces the rubber compounds and provides the necessary mechanical
stability [16,17]. This applies to both the carbon-based fillers such as carbon black and
silica [18–21]. Indeed, the plasticizer type strongly affects the mechanical properties of
rubber products due to a shift in the glass transition temperature. Consequently, the strain,
the mechanical stress, the modulus of elasticity and the damping behavior change [22–24].
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Furthermore, the dielectric properties of rubber samples filled with electrically conduc-
tive filler depend on the structure of its filler network [25–32]. This applies to filler networks
made of electrically conductive fillers such as carbon-based carbon black or hybrid filler
networks, provided that at least one electrically conductive filler is present [25–28]. The non-
conductive component is mainly used because of its excellent mechanical reinforcement, as
is the case with silica used in dynamic systems such as car tires [29–32]. Aloui et al. have
shown that mechanically induced changes in the structure of the electrically conductive
filler network have a direct impact on dielectric mechanisms such as charge transport and
polarization [33,34]. These, in turn, have consequences for the dielectric constant and the
dielectric conductivity of rubber samples [35–39].

The direct relationship between mechanical and dielectric properties makes simultane-
ous mechanical and dielectric analysis of rubber samples filled with electrically conductive
filler an outstanding technique for opening up new horizons in evaluating the microstruc-
ture dynamics of rubber materials under mechanical load and hence reproducing authentic
situations from operation modes [40–43]. In addition to quality measurements on test sam-
ples, examinations on installed end products can also be guaranteed if sensors are installed
to record the current material properties during use and to monitor them in the subsequent
step. Mainly the dielectric properties are used as a response to the mechanical load [44].

In this study, the influence of the polarity of the plasticizer on the mechanical behavior
of carbon black filled SBR under static loading is investigated. It is about the dynamics
of the reinforcing filler network under mechanical loading and how this behavior can be
described with simple material models. This study serves to understand the usage process
and opens up the possibility of describing dynamic systems such as tires or seals during
application. The electrical response is used as the display variable.

In this study, the influence of the plasticizer on the dielectric response of carbon black
filled SBR under static load is examined, particularly with respect to the polarity of the
plasticizer. The simultaneous dynamic-mechanical and dielectric analyzer DiPLEXOR®

500 N from NETZSCH-Gerätebau in Ahlden, Germany is used for this purpose.

2. Excursus: Dielectric Relaxation in Elastomers

Dielectric relaxation describes the build-up of the electric polarization of a dielectric
medium after application of an external electric field. The characterization of the dielectric
relaxation is based on the measurement of the variation of the permittivity as a function
of frequency. The permittivity stems from dipole orientation and transport of free charge
carriers under the action of an electric field. The measuring method uses capacitance
measurements as a function of frequency for a sample placed between two electrodes.
An extensive explanation of the phenomenon and the measurement technology can be
found in [45].

The permittivity ε∗ is a complex function with the real part ε′ and the imaginary part
ε′′ , also known as dielectric loss. As is typical for elastomers, not all dipoles have the same
relaxation time, but different relaxation times, which exhibit a distribution with a relaxation
peak. In order to describe these types of relaxation correctly, there are various empirical
models derived from the Debye equation. In the case of symmetrical frequency response,
the Cole–Cole approach is mainly used for amorphous dielectrics [46]. According to the
Cole–Cole equation,

ε∗(ω) = εinf +
∆ε

1 + (iωτ)α with 0 < α ≤ 1 (1)

where εinf is the infinite frequency dielectric permittivity, ∆ε is the relaxation strength,
α is the broadness parameter and τ is the Cole–Cole relaxation time. ω = 2π fel is the
angular frequency and fel is the electrical frequency. The expressions of ε′ and ε′′ take the
following form:

ε′(ω) = εinf + ∆ε· 1 + (ωτ)α cos
[
α π

2
]

1 + 2(ωτ)α cos
[
α π

2
]
+ (ωτ)2α

(2)
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And

ε′′ (ω) =
σdc
ωε0

+ ∆ε· (ωτ)α sin
[
α π

2
]

1 + 2(ωτ)α cos
[
α π

2
]
+ (ωτ)2α

(3)

where σdc is the direct current conductivity or DC conductivity [33,34].

3. Materials

Four carbon black filled SBR based compounds were prepared at Hansen and Rosen-
thal KG in Hamburg, Germany. The carbon black N 330 was used at a filler concentration
of 60 phr. For a reference sample, no plasticizer was added. The three other samples
each contain 20 phr of one plasticizer grade, which differ by polarity. Of course, the good
miscibility of the plasticizers in the rubber matrix must be taken into account. Therefore,
the following plasticizers are used: The plasticizers used are a paraffinic base oil (SN400),
mild extraction solvate (MES) and distillate aromatic extract (DAE). Figure 1 shows the
structural formula of the plasticizers with different polarities used [47].
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Figure 1. Structural formula of plasticizers SN400, MES and DAE.

Plasticizers SN400, MES and DAE have an aniline point in accordance with DIN ISO
2977 at 101 ◦C, 84 ◦C and 43 ◦C [47]. The aniline point is the temperature at which a
homogeneous mixture of equal volumes of aniline and plasticizer separates into 2 phases
during the cooling process. The degree of miscibility of aniline with the plasticizer esti-
mates the aromatic content in the plasticizer. The lower the aniline point, the more polar
the plasticizer.

The solubility parameter δ is an indicator of the miscibility quality of the various
plasticizers within the SBR matrix. SN400, MES and DAE have a solubility parameter δ of
16 MPa1/2, 16.7 Mpa1/2 and 18.5 Mpa1/2. With a value of 17.2 Mpa1/2, the solubility param-
eter δ for SBR is in the same range as for the plasticizers, implying a good compatibility [47].

The aniline point and the solubility parameter are shown in Figure 2.
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Figure 2. Aniline point and solubility parameter of the plasticizers.

The compound formulation is shown in Table 1.

Table 1. Compound formulation in phr.

No Oil SN400 MES DAE

SBR 1502 100 100 100 100
N 330 60 60 60 60
SN400 - 20 - -
MES - - 20 -
DAE - - - 20
ZnO 2.5 2.5 2.5 2.5

Stearic acid 1 1 1 1
TMQ 1 1 1 1
6PPD 1 1 1 1
CBS 1.8 1.8 1.8 1.8

DDTD 0.2 0.2 0.2 0.2
Sulphur 1.5 1.5 1.5 1.5

The antioxidants 2,2,4-Trimethyl-1,2-dihydrochinolin (TMQ) and N-(1.3-Dimethylbutyl)-N′-phenyl-p-
phenylenediamine (6PPD) were added at a concentration of 1 phr. The samples were sulfur-vulcanized.
In addition to sulfur, the vulcanization accelerators N-cyclohexyl-2-benzothiazolesulfenamide (CBS) and
Dimethyldiphenylthiuram disulfide (DDTD) were used.

4. Methods
4.1. Dielectric Analysis

Purely dielectric measurements were carried out at room temperature using the broad-
band dielectric spectrometer BDS from Novocontrol in Montabaur, Germany. The mechan-
ical load was infinitesimally small, and it only served to maintain contact between the
SBR samples and the electrodes. The coin-shape samples had a diameter of 30 mm and a
thickness of 0.1 to 0.3 mm. The applied sinusoidal alternating voltage had an amplitude of
3V. The electrical frequency ranged between 1 Hz and 1 MHz.

4.2. Simultaneous Mechanical and Dielectric Analysis

Simultaneous mechanical and dielectric analysis were performed on the DiPLEXOR
500 N of NETZSCH-Gerätebau in Ahlden, Germany. The DiPLEXOR 500 N is the result of
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coupling the EPLEXOR 500 N dynamic-mechanical analyzer with the broadband dielectric
spectrometer BDS from Novocontrol in Montabaur, Germany. Coin-shaped samples with
a diameter of 10 mm and thickness of around 2 mm were used. The measurements were
carried out at room temperature applying a static force of 10 N and a sinusoidal alternating
voltage with an amplitude of 1 V. The electrical frequency ranged between 1 Hz and 1 MHz.

Three measurements were performed to confirm the validity of the results. However,
only one measurement is shown to represent the overall result.

5. Results and Discussion

Carbon black filled elastomers have permanent dipoles and free charge carriers on
the surface area of the carbon black clusters due to the graphitized surface area of carbon
black particles.

The physical mechanisms behind the dielectric response of carbon black filled elas-
tomers are based on the electrical frequency of the electrical alternating field applied. In the
frequency range between 1 Hz and 1 MHz, the free charge carriers can be transported along
the electric field lines. This conduction mechanism, described by the dielectric conductivity
σ∗, is initially frequency-independent and reaches a constant plateau value, known as direct
current conductivity or DC conductivity, abbreviated σdc. This is the result of phase-equal
change in the electric field and the sample polarization. From a material-dependent fre-
quency threshold, σ∗ becomes frequency-dependent because the change in electric field
and the change in sample polarization become time-delayed. This dielectric dispersion
is caused by additional relaxation processes which come into play. This part is known as
AC conductivity.

Furthermore, the present dipoles in the SBR materials are oriented along the electric
field lines. Orientation polarization arises. Depending on the sample thickness, the applied
electric field can also lead to accumulation of dipoles at the interfaces, also known as
interface polarization. Both polarization mechanisms are described by the permittivity ε∗.

5.1. Dielectric Analysis

Purely dielectric measurements on the SBR samples are performed at room tempera-
ture without mechanical load. This serves first to determine the contribution of the different
components to the dielectric response without the influence of static load. The measure-
ments are performed on SBR samples with a thickness of 0.1 to 0.3 mm. Figure 3 shows
the frequency-dependent change in the real part of the conductivity σ′ of the SBR samples
with and without plasticizers.
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Figure 3 indicates that the real part of the conductivity σ′ of the SBR sample without
plasticizer hardly shows any changes within the frequency range of the measurements. A
direct current conductivity σdc of 4.8 × 10−4 S/cm is recorded. It is to note that this high
conductivity in carbon black filled rubber is clearly related to the carbon black network. At
a filler concentration of 60 phr, the mechanical percolation threshold is exceeded, resulting
in a network of interconnected filler clusters. The contribution of polymer chains to the
conductivity of SBR samples is approximately ten orders of magnitude less.

The oil-extended SBR samples show at least two disparities compared with the SBR
sample without plasticizer. First, the real part of the conductivity σ′ is from an electrical
frequency of 100 kHz frequency-dependent, regardless of the polarity of the plasticizer
used. σ′ increases with increasing frequency. Second, the direct current conductivity σdc
becomes smaller. It is 7 × 10−5 S/cm for the SBR samples with 20 phr SN400 and DAE. For
the SBR samples with 20 phr MES, σdc is 5.8 × 10−5 S/cm.

In this context, it is worthy to note that the polarity of the plasticizer has no big influ-
ence on the conductivity. The addition of plasticizer has only influenced the distribution of
the filler clusters within the rubber matrix. As a result, the distances covered by the free
charge carriers along the electric field lines become longer.

5.2. Simultaneous Mechanical and Dielectric Analysis

Dielectric measurements on the SBR samples are carried out at room temperature
under a static force of 10 N. The latter corresponds to a mechanical stress of 0.127 MPa.
Figure 4 shows the frequency-dependent change in the real part of the conductivity σ′ of
the SBR samples with and without plasticizers.
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Figure 4 shows a completely different picture than Figure 3. This has to do with the
different geometries of the test specimens and the applied contact forces. The simultaneous
mechanical and dielectric analyses were performed on 2-mm-thick SBR samples with a
contact force of 10 N. The purely dielectric measurements were performed on SBR samples
with a thickness of 0.1 to 0.3 mm and a contact force in the mN range. It is therefore not
possible to readily perform a direct comparison of the absolute measured values.

26



Polymers 2022, 14, 2126

The real part of the conductivity σ′ becomes frequency-dependent for all SBR samples
independently of the plasticizer content. The characteristic frequency between the DC and
AC conductivity shifts towards lower frequencies with the addition of the plasticizer.

For the SBR sample without plasticizer, the application of a static force of 10 N reduces
σdc from 4.8 × 10−4 S/cm to 1.4 × 10−4 S/cm. This is due to the mechanical damage that
reduces the density of the conduction paths within the carbon black network, and thus the
SBR samples.

For the SBR samples with plasticizer, the polarity of the plasticizer used strongly
influences the conductivity. σdc is 10−4 S/cm for the SBR sample with 20 phr SN400,
7.7 × 10−5 S/cm for the SBR sample with 20 phr MES and 2.7 × 10−5 S/cm for the SBR
sample with 20 phr DAE. It is obvious that increasing the polarity of the plasticizer used
decreases σdc.

The AC conductivity, abbreviated σac, is the frequency-dependent part of σ′ at which
the change in the electric field and the change in sample polarization are time-delayed.
The curve shape of σac for the different SBR samples also suggests that the polarity
of the plasticizer used has a huge influence on the relaxation processes caused by this
dielectric dispersion.

However, as mentioned in the previous section, the polarity has no influence on the
conductivity. It strongly affects the distribution of the filler clusters within the rubber matrix.

The difference in DC conductivity σdc between the mechanically undamaged (without
mechanical load) and damaged (static force of 10 N) SBR samples is illustrated in Figure 5.
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Figure 5 shows that σdc of the undamaged SBR samples is only affected by the presence
of plasticizer, and not by the polarity of the plasticizer used. In contrast, σdc of the mechan-
ically loaded and hence damaged SBR samples seems to be indirectly influenced by the
polarity of the plasticizer used. In fact, the use of plasticizer influences the inner structure
of the SBR samples by generating new dispersion states following the mechanical load.

In order to examine the impact of the plasticizer and its polarity on the dispersive part
of the conductivity σac, it is more convenient to consider the global dielectric response of
the SBR samples, expressed in terms of permittivity. In addition to conductivity, relaxation
processes are taken into account. Figures 6 and 7 show the change in the real and imaginary
part of the permittivity, ε′ and ε′′ of SBR samples with different plasticizers at 24 ◦C under
a static force of 10 N.
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5.3. Cole–Cole Relaxation Model

To determine the dielectric relaxation in the SBR samples, the real and imaginary
part of the permittivity ε′ and ε′′ are simultaneously fitted with the Equations (2) and (3)
according to the Cole–Cole approach. With these basic equations, an own fitting program
was developed, which simultaneously fits the real and imaginary part of the permittivity.
Figure 8 displays the behavior of ε′ and ε′′ at 24 ◦C under a static force of 10 N. The SBR
sample filled with 20 phr MES is shown as representative for all other SBR samples.
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Figure 8 suggests a good fitting quality for the measurement data of the SBR sample
filled with 20 phr MES at 24 ◦C under a static force of 10 N. The fitting parameters are
displayed on the inset. Hereinafter, the individual fitting parameters related to all SBR
samples are presented. Figure 9 first shows the Cole–Cole relaxation time τ.
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Figure 9. Cole–Cole relaxation time τ of the SBR samples determined by means of simultaneous
mechanical and dielectric measurements at 24 ◦C under a static force of 10 N.

The Cole–Cole relaxation time τ gives the position of maximal dielectric loss. Figure 9
shows that τ increases as the polarity of the plasticizer used increases. τ is related to a
characteristic electrical frequency of maximal loss fel according to τ = 1/(2π fel). Increasing
τ means a decrease in the characteristic electrical frequency of maximal loss fel. This
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resembles the results shown in Figure 4, in which the frequency limit between DC and AC
conductivity shifts to lower frequencies with higher polarity.

In the following, Figure 10 illustrates the broadness parameter α of the SBR samples
determined by means of simultaneous mechanical and dielectric measurements at 24 ◦C
under a static force of 10 N.
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Figure 10. Broadness parameter α of the SBR samples determined by means of simultaneous
mechanical and dielectric measurements at 24 ◦C under a static force of 10 N.

In contrast to the Debye model where the broadness parameter α equals one, Figure 10
shows that all α values for SBR samples are less than one. This indicates a symmetrically
broad loss peak. Furthermore, α decreases as the polarity of the plasticizer used is increased,
implying a broader response function. This behavior is caused by the interaction of the
dipoles with each other, inducing a dispersion of the relaxation time τ. In physical terms,
the dipoles participating in the relaxation phenomenon do not have the same relaxation
time. Most probably this behavior is promoted by the polarity of the plasticizer, since the
more polar the plasticizer, the more dipoles are available.

Figure 11 depicts the infinite-frequency dielectric permittivity εinf of the SBR samples
determined by means of simultaneous mechanical and dielectric measurements at 24 ◦C un-
der a static force of 10 N. εinf = lim

ω→∞
ε′(ω) is also known as the high frequency permittivity.

Figure 11 shows that εinf seems to depend on the presence of plasticizer within the SBR
samples rather than the type of plasticizer. The doubling of the high frequency permittivity
εinf for the oil-extended SBR samples as compared to the SBR sample without plasticizer
can be attributed to the increase in dead ends caused by the mechanical damage of the filler
network and the presence of additional polar molecules. Locally, more polar regions arise
and permittivity increases.

The last parameter according to the Cole–Cole Equation (1) is the relaxation strength
∆ε and it is shown in Figure 12.

The relaxation strength ∆ε shown in Equation (1) is the difference between the static
dielectric permittivity εS = lim

ω→0
ε′(ω), also known as low frequency permittivity, and

εinf. ∆ε = εS − εinf gives the contribution of the orientation polarization to the dielectric
function and evaluates the mean molecular dipole moment on the conditions that the
present dipoles do not interact with each other and shielding effects are insignificant [19].
Since this is not the case for the SBR samples, no reliable conclusions can be drawn in
this regard.
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Figure 11. Infinite-frequency dielectric permittivity εinf of the SBR samples determined by means of
simultaneous mechanical and dielectric measurements at 24 ◦C under a static force of 10 N.
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Figure 12. Relaxation strength ∆ε of the SBR samples determined by means of simultaneous
mechanical and dielectric measurements at 24 ◦C under a static force of 10 N.

6. Summary and Conclusions

Four SBR compounds were prepared to investigate the influence of plasticizer polar-
ity on the mechanical stability of the filler network using simultaneous mechanical and
dielectric analysis.

The SBR compound without plasticizer serves as a reference. In a mechanically
unloaded state, a constant conductivity of 4.8 × 10−4 S/cm was measured, showing no
influence exerted by the electrical frequency. Under a static force of 10 N, which corresponds
to a mechanical load of 0.127 MPa, the conductivity becomes frequency-dependent. The
direct current conductivity σdc decreases from 4.8 × 10−4 S/cm to 1.4 × 10−4 S/cm due to
the generated mechanical damage that reduces the density of the conduction paths within
the carbon black network, and thus the SBR samples.

The other three compounds are expanded with oils that have different polarities.
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The picture looks different for the three oil-expanded SBR samples. From an electrical
frequency of 100 kHz, the real part of the conductivity σ′ shows a dispersive part and
increases as the frequency increases, regardless of the polarity of the plasticizer used.
In addition, σdc is lower by almost an order of magnitude. It is 7 × 10−5 S/cm for the
SBR samples with 20 phr SN400 and DAE. For the SBR samples with 20 phr MES, σdc is
5.8 × 10−5 S/cm.

The polarity of the plasticizers used does not directly contribute to the conductivity of
the SBR samples. It solely influences the distribution of the filler particles within the matrix
by increasing the distances covered by the free charge carriers along the electric field lines.

Under mechanical stress, the conductivity of all SBR samples becomes frequency-
dependent, independent of the plasticizer content and type. Furthermore, applying a static
force of 10 N reduces σdc from 4.8 × 10−4 S/cm to 1.4 × 10−4 S/cm for the SBR sample
without plasticizer. This also applies to the SBR sample with 20 phr DAE. σdc decreases
from 7 × 10−5 S/cm to 2.7 × 10−5 S/cm. For the SBR samples with 20 phr SN400 and MES,
a small increase in σdc is observed. σdc is 10−4 S/cm for the SBR sample with 20 phr SN400
and 7.7 × 10−5 S/cm for the SBR sample with 20 phr MES. These experimental findings
can be explained by the new internal structure, which is characterized not only by damage
to the filler clusters, but also by a new distribution of the filler clusters within the matrix. It
is also worth noting that σdc for the oil-expanded SBR samples decreases as polarity of the
plasticizer increases.

The dielectric relaxation was analyzed to describe the behavior of the SBR samples
under mechanical stress. The real and imaginary part of the permittivity, ε′ and ε′′ , were
simultaneously fitted according to the Cole–Cole approach. The Cole–Cole relaxation time
τ and thus also the position of maximal dielectric loss both increase as the polarity of the
plasticizer used increases. This, in turn, decreases the broadness parameter α, implying a
broader response function. The high frequency permittivity εinf depends on the presence
of plasticizer within the SBR samples rather than the type of plasticizer. εinf for the oil-
expanded SBR samples is double that of the SBR sample without plasticizer. This can be
attributed to the increase in dead ends, implying more polar regions in the SBR matrix.
Finally, no clear trend can be seen for the relaxation strength ∆ε. No reliable conclusions
can be drawn in this regard.

This study is primarily application-oriented. These investigations are intended to
describe and evaluate the influence of mechanical stress on a rubber compound in use as
simply as possible. Rubber mixtures are mechanically loaded with the dynamic-mechanical
analyzer in order to transfer the real operating conditions from the field to the laboratory
and then to characterize the material behavior based on the dielectric properties.

In future work, the mechanical loads will be increased in order to reach the non-linear
range of the rubber compounds in order to create conditions that are as realistic as possible.
The study of rubber compounds with hybrid filler systems is also planned in order to
characterize end products such as tires while driving, since the tire treads usually have a
carbon black/silica filler system.
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Abstract: A monotonous relation between strain and measured electric resistance is highly appre-
ciated in stretchable elastomer sensors. In real-life application the voids or technological holes of
strained samples often induce non-homogeneous local strain. The present article focused on study-
ing the effect of non-homogeneous local strain on measured direct current (DC) effective electric
resistance (EER) on samples of natural rubber (NR), reinforced with 50, 60 and 70 phr of carbon
black (CB). Samples were imparted geometrical inhomogeneities to obtain varied local strains. The
resulting strain distribution was analyzed using Digital Image Correlation (DIC). EER exhibited a
well-detectable influence of locations of inhomogeneities. Expectedly, the EER globally decreased
with an increase in CB loading, but showed a steady increase as a function of strain for 50 and 60 phr
over the complete testing protocol. Interestingly, for 70 phr of CB, under the same testing conditions,
an alternating trend in EER was encountered. This newly observed behavior was explained through
a novel hypothesis—“current propagation mode switching phenomenon”. Finally, experimentally
measured EERs were compared with the calculated ones, obtained by summing the global current
flow through a diversity of strain dependent resistive domains.

Keywords: effective electrical resistance; elastomer sensors; natural rubber; local strain; conductive
filler; digital image correlation

1. Introduction
1.1. Background

The change in electrical resistance of filled rubbers under mechanical stimulus opens
a large number of possibilities for practical applications. The ability of cured rubber com-
posites to deform enormously without visible failure is highly appreciated in stretchable
sensors. Such sensors, prepared by blending an insulating rubber matrix with conductive
fillers have a great perspective for industrial production [1]. These composites are also
promising materials for transducers and flexible electrodes due to their conductivity, even
in a deformed state [2–4].

Carbon black (CB) reinforced rubber compound consists of two interpenetrated phases
with very different electrical properties: rubber forms a resistive network while CB pro-
duces a conductive network [5]. As such, a two-phase compound has an electrical conduc-
tivity dependent on both the phases.

Generally, the effective conductivity/resistivity of inhomogeneous materials was a
subject of serious research for various materials and their applications. Conventionally
all these studies can be divided into two groups: (1) involving the effective medium
theory (EMT), averaging the multiple values of the constituents [6] and (2) focused on the
calculation of equivalent resistor network (ERN) [7]

The effective electrical conductivity/resistivity was found to be dependent on relative
amount of constituent phases, conductivity of phases and their distribution [7,8]. The
attempt to discretize the phases in material by their geometry [7] had its advantage in
reducing the complexity of EER calculation to solving the Kirchhoff equations [9] for the
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currents in conductive network. The suggested discretization involves substitution of
resistance of one phase domain by a series of resistors, linking the neighboring domains.

Over the continuously enlarging number of investigations on highly deformable
sensors, based on reinforced elastomers, the influence of strain-induced local deformation
on EER has rarely been discussed.

The macroscopic geometrical inhomogeneity (e.g., cavity, voids, cracks) naturally
present in rubber materials tend to form surrounding macroscopic domains with particular
local strain distribution. Moreover, the intentionally produced geometrical inhomogeneity
in a rubber product, which is required for its proper functioning, concentrates strain in the
vicinity of the inhomogeneity during service. Therefore, the local stress–strain behavior
around the inhomogeneity is close to intrinsic strength, causing crack growth initiation,
whereas future loading leads to its propagation up to total failure [10]. On the other hand,
the geometry of the inhomogeneity and global loading conditions are the reason for local
multiaxial deformation leading to re-arrangement of the filler network at the affected
location [11,12]. Thus, an influence on EER behavior is expected objectively.

Choice of composite, based on CB-filled natural rubber (NR) for the present study was
dictated by several reasons:

Natural rubber (NR) is a strategic industrial raw material for manufacturing a wide
variety of products, due to its very high strains and the respective ultimate strength before
total rupture compared to other synthetic rubbers. NR becomes “self-reinforcing” at high
strain level and simultaneously the mechanical properties increase. In most applications
of NR, fillers are added to increase modulus, toughness and wear resistance (e.g., [13]),
whereas for the rubber products with antistatic properties, the carbon black (CB) mostly is
the applied conductive material along with its reinforcing properties.

The morphology and properties of filled rubber are greatly influenced by filler net-
working [14,15]. When a certain concentration is attained, the filler forms a continuous
network that can be described in the frame of percolation or cluster, known as the cluster
aggregation theory [16]. The long-range connectivity of conductive fillers can cause signifi-
cant field intensification in the rubber matrix, and greatly enhance the dielectric behavior
and thus the overall permittivity of the rubber matrix [17,18]. Due to the high conductivity
of the CB particles, the electric field is most significantly concentrated in the small gap
between two connected clusters separated by an individual distance. Thus, the electric field
between two clusters changes dramatically with the distance between the interconnecting
clusters, based on the ability of the electrons to overcome the gaps by tunneling effect or
trap-assisted tunneling effect [19].

1.2. Research Approach

The experimental investigation for determination of change in electric response of
cured rubber in dependence on strain generally can be done under a simple uniaxial tensile
loading using the samples of strip geometry. Due to the application of a thin sample, in
which the thickness significantly is lower than the length or even the width, the deformation
in the direction of the thickness can fully be neglected [20–22].

The aim of the presented work was to perform an experimental investigation of EER
of deformed rubber samples of an identical rectangular shape with implemented annular
geometrical inhomogeneity, located differently across the orthogonal axes of sample to the
main strain. The samples based on natural rubber (NR) reinforced with CB far above the
percolation threshold (50, 60 and 70 phr), were prepared and subjected to tensile loading up
to strain 26.7%. In the case of NR, the dedicated strain is still far below the strain values in
which strain induced crystallization (SIC) appears [23,24]. The deformation of the sample
has been monitored and the strain distribution over the complete sample surface has been
determined by the Digital Image Correlation (DIC) system. The DC EER behavior has been
measured simultaneously during the loading. The DC measurements was implemented
taking into account the well-known facts that the current density distribution driven by
the alternating current (AC) is often not uniform throughout the cross-section of any
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conductor because of the skin and proximity effects [25]. Finally, the proposal for numerical
calculation of EER related to deformation of samples in dependence on varied geometrical
inhomogeneity and the corresponding local strain distortion of conductive phase was
introduced for the first time, in effect supporting the novelty of the work.

2. Materials and Methods
2.1. Rubber Formulation

The complete formulation of rubber used within this study is listed in Table 1. Nat-
ural rubber was supplied by the Astlett Rubber Inc. (Astlett Rubber Inc., Oakville, ON,
Canada) (type SMR 20 CV/BP1). Sulfur used as the curing agent, zinc oxide (ZnO) and
stearic acid used as activators were supplied by Sigma-Aldrich®. The reinforcing filler
used in all the compounds was high abrasion furnace (HAF)–N330 carbon black (CB)
supplied by Cabot Corporation, Boston, MA, USA. Moreover, Naphthenic oil NYTEX®

(Nynas AB, Nynashamn, Sweden) was used as a plasticizer and CBS (N–cyclohexyl–2-
benzothiazolesulfenamide), was employed as the curing accelerator.

Polymers 2021, 13, x FOR PEER REVIEW 4 of 17 
 

 

 
Figure 1. The geometry of studied samples: (a) basic configuration, (b) double side inhomogeneity, 
(c) central inhomogeneity. 

2.3. Electric Setup 
The measurement of the DC EER in tensile mode was done in a servohydraulic test-

ing equipment Instron 8871 (Instron, UK) equipped with customized nonconductive 
clamps (Figure 2), which were used to fix the lateral cylindrical shoulders of the tested 
samples. Due to the application of cylindrical shoulders containing tubular brass contacts, 
the additional stress commonly induced by simple fixing system was efficiently avoided. 
The conductive wires were mechanically crimped into the brass tubes, avoiding meta–
rubber interface overheating as encountered in the case of soldering. 

The applied testing protocol, schematically visualized in Figure 2b was based on 
strain up to 4 mm (26.7% strain) at a constant rate of 0.5 mm/s. 

  

(a) (b) 

Figure 2. (a) Customized nonconductive clamps; (b) testing protocol. 

The experimental setup for DC EER measurement is shown in Figure 3. 

Figure 1. The geometry of studied samples: (a) basic configuration, (b) double side inhomogeneity,
(c) central inhomogeneity.

Table 1. Rubber formulation.

NR Oil Carbon Black CBS Sulfur ZnO Stearic Acid

Content in phr *

NR50_#

100.00 10.00

50.00

1.00 2.50 5.00 2.00NR60_# 60.00

NR70_# 70.00

*—parts per hundred of rubber by weight. #—a, b or c depending on sample geometry (see Figure 1).

2.2. Rubber Compounding and Samples Preparation

The compounds were prepared in an internal mixer Brabender Plastograph (Brabender
GmbH & Co., Duisburg, Germany) at 60 ◦C at a rotor speed of 50 rpm at a fill factor of 80%.
The rubber and the compounding ingredients were successively added as follows: NR
was masticated for 3 min followed by mixing of ZnO and stearic acid activators, both for
1 min successively. The filler was added in three stages alternating with the plasticizer and
mixed for the next 3 min. Finally, CBS and sulfur were added and mixed for another 2 min.
Thus, the total mixing time was 10 min. The optimum cure time at 160 ◦C for each batch
was determined using a moving die rheometer (MDR 3000 MonTech, Buchen, Germany)
according to ISO 3417. After 24 h conditioning at an ambient temperature of 23 ◦C, the
compounds were molded using electrically heated hydraulic press (LabEcon, Delft, The
Netherland) at 160 ◦C and 200 kN into samples of specific geometries defined generally
with dimensions 15 × 15 × 2 mm3 with cylindrical shoulders of 6 mm in diameter at
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both ends. Each cylindrical shoulder contained a brass tube (2 mm external and 1.4 mm
internal diameters) in the direction of the shoulder axis for realization of future electrical
contacts. Finally, in two amongst the three different samples, shape inhomogeneities,
characterized by top view of an annular circle (sample c) and two semi circles (sample b)
having diameters of 6 mm were implemented. The detailed geometries of the investigated
samples are shown in the Figure 1.

2.3. Electric Setup

The measurement of the DC EER in tensile mode was done in a servohydraulic
testing equipment Instron 8871 (Instron, High Wycombe, UK) equipped with customized
nonconductive clamps (Figure 2), which were used to fix the lateral cylindrical shoulders of
the tested samples. Due to the application of cylindrical shoulders containing tubular brass
contacts, the additional stress commonly induced by simple fixing system was efficiently
avoided. The conductive wires were mechanically crimped into the brass tubes, avoiding
meta–rubber interface overheating as encountered in the case of soldering.
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The applied testing protocol, schematically visualized in Figure 2b was based on strain
up to 4 mm (26.7% strain) at a constant rate of 0.5 mm/s.

The experimental setup for DC EER measurement is shown in Figure 3.
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The measuring was based on the indirect method, whereas the complete measuring
setup was compiled and assembled for this study by the authors. The resistance was
calculated from voltage drop on the measured sample and voltage drop on the serial high
precision resistor R2 (Figure 3a). Since all changes in the load were slow, a simple Ohm’s
Law was used in the form

RS = US/IS, (1)

where RS is the resistance of the sample (Figure 3a), US is the voltage drop across the
sample (measured directly) and IS is the current going through the sample (measured
indirectly from the voltage on the R2).

Operational amplifiers (OA) assured the sensibility of measurements. Directly con-
nected OA (denoted in the Figure 3a as IC1A, IC1B, IC2A, IC2B) were used as voltage
followers. For OA functionality explanation, a simplified scheme is depicted in Figure 3b.
Following the theory of the real OA output voltage, it can be assumed that

Uo = Au(Un − Ui), (2)

where, Uo is the output voltage, Ui is the inverting input voltage, Un is the non-inverting
input voltage, and Au is the open loop voltage amplifying coefficient.

Theoretically, the difference (Un − Ui) can be assigned as Udi f If the OA is connected
as the voltage follower, then the inverting input voltage Ui is equal to the output voltage
Uo. Equation (1) will then be modified with mathematical adjustment to the form

Uo = Un Au/(Au + 1) (3)

where Au is the open loop voltage amplifying coefficient. Au = 100000 typically, for a used
amplifier. Due to this condition, Uo can be taken as equal to the Un. The input current
passing through OA can be written as

IOA = Udi f /ROA (4)

and ROA is internal resistance of OA.
Equation (4) can be modified with the substitution from Equation (2) and reads

as follows:
IOA = U0/(ROA × Au) (5)

Substituting the value of U0 from Equation (3) in Equation (5) leads to the framing of
Equation (6):

IOA = Un/(ROA × (Au + 1)) (6)

where the input resistance is transformed by multiplication with the term (Au + 1). So,
taking into consideration the characteristic value of internal resistance for used OA (the
minimal value ROA = 30 kΩ), the customized installation is able to easily measure the
resistances up to 750 MΩ and even higher. This fact guarantees that measuring method is
suitable for tested samples.

Amplifiers IC3A, IC4A joined behind voltage followers were connected as typi-
cal differential amplifiers with voltage magnification [26,27]. Data recording was ob-
tained using digital multichannel oscilloscope Rigol MS05104 (Rigol Technologies, Co Ltd.,
Suzhou, China).

Digital Image Correlation (DIC) was applied to determine the local strain fields in
the studied samples. For this purpose, a stochastic pattern made by an anti-reflex spray,
MR2000 Anti-Reflex L (MR Chemie GmbH, Unna, Germany) was applied on the surface
of all the tested samples. The strains of the complete sample were recorded over the
testing protocol via CCD monochrome camera Baeumer PXU 60 M Q (Bauemer, Frauenfeld,
Switzerland) with a sampling frequency of 15 Hz. The DIC process was controlled over
the software GOM Snap 2D, (GOM, Braunschweig, Germany). Subsequently, the captured
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pictures were processed and analyzed with DIC software (GOM Correlate, Braunschweig,
Germany) for the strain field evaluation.

3. Results and Discussions
3.1. Local Strain Distribution and Measured EER

The measured strain contour image for all the studied samples under tensile loading
and their initial shapes are visualized in Figure 4. Due to inappreciable differences in the
determined local strains between the rubber samples loaded with different concentrations
of CB, only the rubber samples compounded with 70 phr CB will be discussed in terms of
DIC characterization. The DIC software monitored the deformation of complete sample
during straining and evaluated the strain over the complete sample surface, as well as
the local strain near to inhomogeneity and presented the data in colored map over the
complete surface of the sample.
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For all the analyzed samples, the contraction was observed in the horizontal axis,
orthogonally to the main strain. The contraction gradually decreased in the vertical
direction from the horizontal axis, whereas close to the clamping area, the contraction
became minimal. It is obvious that the location of the inhomogeneity in the edges (sample
type b) and central part (sample type c) provoked a very different strain distribution
across the horizontal axis as well as over the complete affected sample area due to the
stress concentrations focused on the sharp corners due to the abrupt change in the surface
area [28].

The DIC of dynamic evolution of the contraction of the sample (∆k = k0 − k) during a
testing protocol was monitored continuously by measuring the width of the sample passing
through the geometrical center (see Figure 4). To avoid any misunderstanding, here and in
all following text, k represented the width of rubber composite in the geometrical center
of sample, which is not always equal with samples width (w), due to intentionally create
inhomogeneity. The vertical displacement of the sample (elongation, noted as ∆l) was
proportional to applied strain, and fully depended on the settings of the tensile equipment.
However, the horizontal contraction of the monitored segment was a material and also
the sample shape dependent term. The results experienced a similar trend for all CB
concentration. Thus, only those obtained for the sample containing 70 phr CB are presented
in Figure 5. Sample type (a) exhibited an absolutely logical trend of contraction, in close
agreement with Poison’s ratio value (ν = 0.5 for CB filled natural rubber). For samples
containing geometrical inhomogeneity, the elongation–contraction relationship exhibited
an appreciable difference due to complicated non-homogeneous local strain distribution.
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Figure 5. The evolution of elongation vs. contraction for sample containing 70 phr of CB (similar
trends were observed for all tested CB concentrations).

The representative curves of resulting force and EER vs. elongation corresponding to
applied strain, for all different filler concentrations and three different sample types are
shown in Figure 6. From the mechanical point of view, the plot of force vs. elongation
(Figure 6a,c,e) shows the well-known and expected trend of increasing force with an
increase in the filler content [29] over the complete tensile loading.

The two samples containing different positions of geometrical inhomogeneity, al-
though having the same total initial cross-sectional area in the horizontal axis, revealed a
difference in the measured force under a certain strain over the complete straining process.
The forces developed by tensile machine to achieve the maximum set strain are depicted in
Figure 7. The sample type b possessing an undivided cross-section area exhibited higher
force if compare to sample type c having a divided one. The cause of observed difference
was the variation in the location of produced inhomogeneity, resulting in a different new
surface area creation, preserving the same total cross-sectional area of the two different
samples. Therefore, the sample with bulk cross-section area (type b) required more energy
to be deformed compared to the divided one (type c) due to an excess in the number of
internal molecular bonds.

Figure 6b,d,f exhibit the uniqueness of the results of EER for the used deformation
settings. A gradual increase in CB concentration increased the non-monotonic runway
of resistance variation. The results are presented in the form of a ratio between variation
of resistance (∆R = R − R0) and R0, the latter being the resistance of the sample before
deformation. Samples containing 50 phr of CB (Figure 6b) exhibited progressive, well-
distinguished increase in resistance as a function of applied strain for all the geometries
of the samples. Depending on sample geometry, increase in samples resistance (∆R/R0)
attained an impressive value close to 270 times at the maximum applied strain. This fact is
highly appreciated for sensitivity of sensors.

Samples containing 60 phr CB (Figure 6d) showed an essential difference of ∆R/R0 in
dependence of sample geometry, exhibited a modest increase in resistance for about seven
times in the best case, while the samples containing 70 phr of CB (Figure 6f) showed a very
low ∆R/R0 ranging between 0.02 and 0.2 times for maximum applied stress.
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3.2. Current Propagation Mode Switching Effect

The most unusual results were obtained for samples filled with 70 phr CB (Figure 6f).
In just one tensile event, an initial increase in resistance was followed by a sudden decrease
and then again, a continuous increase. Sequentially, such a strange behavior may be
regarded as a negative and positive piezoresistive effect in filled polymers, discussed
earlier, for example, in [30]. The uniqueness of the observed behavior was to have both
these phenomena in the same material and under one loading process. This effect has not
been discussed in any previous scientific studies from theoretical as well as an experimental
point of view. In the opinion of the authors of the present article, the explanations given in
the subsequent discussion describe the observed peculiarities in the effective resistance
variation of the sample under deformation:

The contraction of the sample during the tensile test (Figure 4) confirmed the concur-
rence of two processes taking place in the conductive network. In the direction of applied
tensile strain, the distance between the conductive particles increased and contrary to this
happening, in the perpendicular direction of the applied strain, a hydrostatic pressure,
made the particles approach each other. CB particles are usually considered as spheres
coupled into aggregates. Taking into consideration the Hertzian contact theory, the contact
area, A, of two spheres of identic radius, R, can be calculated from the equation:

A = π
R
2
× x (7)

where x is the penetration depth between spheres.
The Poisson coefficient, ν, for thin sample of square shape exhibits the ratio between

contraction, ∆k, and its elongation, ∆l, and following expression can be written:

∆l =
∆k
ν

. (8)

Theoretically, the analysis of the evolution of contact areas, Ae and Ac which repre-
sent the contact area between two arbitrary carbon black spheres incorporated in rubber
matrix, coaxially aligned, perpendicular to the direction of strain and to direction of con-
traction, respectively. Taking into consideration that ∆li is the elongation between two
particles forming couple i, and ∆kj is the contraction between particles forming couple j
(see Figure 8a),

Ac = π
R
2
×

(
x + ∆li

)
and (9)

Ae = π
R
2
×

(
x − ∆kj

)
. (10)
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Thus, the ratio
Ac

Ae
=

x + ∆li

x − ∆kj =
x + ∆li

x − ν·∆li (11)
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The solutions to this equation are depicted in Figure 8b.
Considering the framework of the present model, the relative motion of the CB parti-

cles in accordance to the Poisson’s ratio of a rubber composite, the applied strain resulting
in interparticle displacements ∆li will generate, as well, an interparticle contraction ∆kj,
proportional to ν. The aforementioned solution to Equation (11) clearly delimitates two
regions: ∆li < x where the contact area of particles aligned in the direction of strain de-
crease much slower than the increase in the contact area of particles aligned in contraction
direction, in effect, generating a global increase in interparticle contact area with possi-
bility for easier carriers’ flow (visualization sketch in Figure 8a). With further increase in
strain, the increase of interparticle displacement becomes larger than the penetration depth
(∆li ≥ x), signalizing the moment when the particles lose their contact and the current
propagation change its mechanism, switching from Ohmic to Shottki or trap-assisted tun-
neling mechanisms. Since the EER is proportional to contact area, it was assumed that this
phenomenon was the reason behind the sudden increase in the conductivity followed by a
moderate decrease during the deformation of the sample. A reasonable question— “Why
is this effect not observed for samples containing 50 or 60 phr CB?”—could be answered by
assuming the initially predominant charge transfer mechanism to be the tunneling one.

3.3. The Deformed Samples EER Estimation

The aim of this paragraph was to check the possibility of EER calculation of non-
homogeneously deformed samples by simulation, which will help to solve and thus replace
a vital problem for otherwise finding the electrical properties of a product by cost and
time demanding direct experimental testing. DIC converted the macroscopic domains of
deformed samples into the colored maps, symbolizing the different magnitude of endured
strain and consequently the difference in resistivity. As a base for present EER estimations
it served the studies dedicated to effective resistance of homogeneously distributed two
or three phase containing materials, these cases presenting with big approximations the
conditions created in deformed materials. The main concept was founded on discrete
networks of resistors, possessing one mutual node in each discrete domain and connecting
the middle of the neighbor domain border [7]. Thus, the effective resistance calculation of
deformed samples was reduced to calculation of equivalent circuit resistance (Figure 9).
Taking into consideration the Kirchhoff’s rules, and principles of symmetries, the contribu-
tion of maximally strained domains (yellow and red colored) was neglected assuming that
current will not flow through these domains.

For simplification, the resistivity of each domain was considered homogenous and
isotropic (contrary to the findings in the previous paragraph). Thus, the domain resistance
was divided into equal resistances connecting the node of the domain with neighboring
domains. Generally, the resistance of one rectangular domain may be calculated applying
the formula:

R = ρ
l

d·w . (12)

where R is the total resistance of the analyzed domain; ρ is its resistivity; l, d and w are the
length, thickness and width respectively.

For the non-rectangular (arbitrary) shapes of samples (a usual characteristic of de-
formed samples), Equation (12) can be rewritten as:

R =
ρ

d

l
∆l

∑
i=1

∆li
∆ki

(13)

where ∆li is an arbitrarily chosen length of cell for an imaginary sample partition, i is the
position of the cell along the tensile direction, d is the thickness of the sample considered
in the present work as a constant, and ∆wi is the width of the sample in position i (see
Figure 10). For successful calculation, it remained to find the resistivity of domains in
accordance to experienced local strain depicted in different colors on the DIC map. It
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should be noted that only the reference samples (type a) exhibited a homogeneous strain
during the whole testing protocol, giving reason to consider the resistivity of the deformed
samples as well homogeneous.
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Figure 10. Illustration for resistance calculation for samples of arbitrary shape: (a) undeformed and
(b) deformed state.

An approximate resistivity of domains (color delimited) was determined by extrapola-
tion of fitted curve of referential samples EER (type a from Figure 6b,d,e) and subsequent
conversion into resistivity. In the case of samples loaded with 70 phr of CB, the part of the
curve containing the switching effect was omitted for the fitting process. The results of
extrapolation are presented in Figure 10.

As can be observed, the sample containing 70 phr CB exhibited a reverse trend
compared with the samples with lower filler content.

Finding the resistivity of each domain from Figure 11 according to color, dictated
by local strain (shown in Figure 9) and applying Equation (13), resistance of the separate
domains—the constituent parts of deformed at maximum strain samples types b and
c—was calculated (see Tables 2 and 3).
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Table 2. The calculated resistivity and resistance of separate domains (samples type b).
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50 phr ρ, Ωm 6.80 × 104 8.10 × 105 3.60 × 106 9.20 × 106 2.10 × 107

R, Ω 3.40 × 107 1.80 × 109 6.30 × 109 5.20 × 1010 4.90 × 1010

60 phr ρ, Ωm 1.40 × 103 2.80 × 103 6.00 × 103 1.40 × 104 3.90 × 104

R, Ω 7.00 × 105 6.10 × 106 1.10 × 107 7.90 × 107 9.30 × 107

70 phr ρ, Ωm 1.70 × 102 1.40 × 102 1.20 × 102 1.10 × 102 9.80 × 101

R, Ω 8.80 × 104 3.10 × 105 2.10 × 105 6.30 × 105 2.30 × 105

Finally, the calculated resistance of each domain was evenly divided to the corre-
sponding number of imaginary resistors to fulfill the equivalent circuit (Figure 9), where
the colors of the resistors denote their belonging to respective resistive domains. The rule
of resistive domain partition into resistors was described earlier, in the introductory part.
Thus, the complicated task to calculate the EER of non-homogeneously deformed sample
was reduced to calculation of total resistance of an ordinary resistors network.

The results of calculated EER compared with the measured ones for sample types
b and c determined at maximal applied strain, are presented in Figure 12. It is clearly
visible that qualitatively the calculated data follows the identical trends observed during
experimental investigation, for all sample types and CB loading.

Taking into consideration the accepted approximations the method of EER of non-
homogeneously deformed samples by discrete resistors network approach, showed a
reasonably good accuracy, and could be considered as a prospective one for related studies.
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4. Conclusions

In the present study, the effects of filler loading at 50, 60 and 70 phr CB in NR matrix
on variation in strain induced electric resistance was investigated. At such comparatively
high filler loadings, a nonlinear strain-resistance variation was observed which in general
is a huge impediment for stress–strain self-sensing applications. The obtained results
showed a strong limitation of strain induced resistance growth pronounced with increasing
filler concentration. As such, samples containing 60 phr and 70 phr of CB could be
considered as non-efficient for strain gauge fabrication. However, this work was not only
confined to prove this inefficiency and was further channelized to investigate some other
interesting phenomena.

Thus, in continuation, a very first trial for theoretical EER calculation of non-homogen-
eously deformed samples was done. Initially, by fitting and extrapolation of experimen-
tal results for a rectangular reference samples (considered homogeneously strained) the
strain-dependent resistivity of studied compounds was found. Using this strain-dependent
resistivity and further, following the discrete resistors network approach with the simul-
taneous application of DIC technique to determine locally strained domains, reasonably
good calculated EER results were obtained for non-homogeneously deformed samples.
This finding opens a large possibility for practical application through simulation of EER
for arbitrary shaped products under deformation.

Even with some differences between the magnitudes of the calculated and measured
results, the trends were the same and thus, the proposed method may “feel” the geometrical
inhomogeneities and their locations. For all concentrations of CB, it was found that the
placement position of inhomogeneity has a tremendous impact on local strain distribution
as well as on the EER. This relation could be the base for in-situ, nondestructive defect
monitoring technology.

Finally, a unique current propagation mode switching phenomenon was observed
and explained in a novel approach. The trustable explanation of this effect was done
by analyzing the simultaneous decrease in the contact area of the conductive CB par-
ticles in the direction of strain and an increase in the perpendicular contraction direc-
tion. This effect, according to the knowledge of the authors of the present work was not
previously reported.
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Nomenclature

Ac (nm2) Contact area between CB particles, aligned perpendicular to the direction of
sample contraction.

Ae (nm2) Contact area between CB particles, aligned perpendicular to the direction of
sample strain

Au (-) Open loop voltage amplifying coefficient
d (mm) Thickness of sample
∆k (mm) Contraction of sample
∆kj (nm) The contraction between two particles forming couple j
∆l (mm) Elongation of sample
∆li (nm) The elongation between two particles forming couple i
∆li (mm) Length of cell i for an imaginary sample partition
∆R/R0 (-) Normalized resistance
∆wi (mm) The width of the sample in position i
IOA (A) The input current passing through operational amplifier
Is (A) Current going through the sample
l (mm) Length of sample
ν (-) Poisson’s ratio
Rs (Ω) Resistance of the sample
ROA (Ω) Internal resistance of operational amplifier
ρ (Ωm) Resistivity
Us (V) Voltage drop across the sample
Ui (V) Inverting input voltage
Uo (V) Output voltage
w (mm) Width of sample
x (nm) The penetration depth between two arbitrary CB particles

Abbreviations

AC Alternating current
CB Carbon black
CBS N-cyclohexyl-2-benzothiazolesulfenamide
DIC Digital Image Correlation
DC Direct current
EER Effective electric resistance
EMT Effective medium theory
ERN Equivalent resistor network
HAF High abrasion furnace
NR Natural rubber
OA Operational amplifier
phr Parts per hundred rubber
SIC Strain induced crystallization
ZnO Zinc oxide

49



Polymers 2021, 13, 2411

References
1. Wang, S.L.; Wang, P.; Ding, T.H. Piezoresistivity of silicone-rubber/carbon black composites excited by AC electrical field. J. Appl.

Polym. Sci. 2009, 113, 337–341. [CrossRef]
2. Natarajan, T.S.; Eshwaran, S.B.; Stöckelhuber, K.W.; Wießner, S.; Pötschke, P.; Heinrich, G.; Das, A. Strong Strain Sensing

Performance of Natural Rubber Nanocomposites. ACS Appl. Mater. Interfaces 2017, 9, 4860–4872. [CrossRef] [PubMed]
3. Liu, P.; Liu, C.X.; Huang, Y.; Wang, W.H.; Fang, D.; Zhang, Y.G.; Ge, Y.J. Transfer function and working principle of a pres-

sure/temperature sensor based on carbon black/silicone rubber composites. J. Appl. Polym. Sci. 2016, 133, 42979. [CrossRef]
4. Ciselli, P.; Lu, L.; Busfield, J.; Peijs, T. Piezoresistive polymer composites based on EPDM and MWNTs for strain sensing

applications. e-Polymers 2010, 10, 1–13. [CrossRef]
5. Bakošová, D. The Study of the Distribution of Carbon Black Filler in Rubber Compounds by Measuring the Electrical Conductivity.

Manuf. Technol. 2019, 19, 366–370. [CrossRef]
6. Myles, T.D.; Peracchio, A.A.; Chiu, W.K.S. Extension of anisotropic effective medium theory to account for an arbitrary number of

inclusion types. J. Appl. Phys. 2017, 117, 025101. [CrossRef]
7. Söderberg, M.; Grimvall, G. Conductivity of inhomogeneous materials represented by discrete resistor networks. J. Appl. Phys.

1986, 59, 186–190. [CrossRef]
8. Niklasson, G.A.; Granqvist, C.G.; Hunderi, O. Effective medium models for the optical properties of inhomogeneous materials.

Appl. Opt. 1981, 20, 26–30. [CrossRef]
9. Ruehli, A.; Antonini, A.; Jiang, L. Circuit Oriented Electromagnetic Modeling Using the PEEC Techniques, 1st ed.; Wiley-IEEE Press:

New York City, NY, USA, 2017.
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Springer: Cham, Switzerland, 2020; pp. 19–38. [CrossRef]

23. Trabelsi, S.; Albouy, P.A.; Rault, J. Effective Local Deformation in Stretched Filled Rubber. Macromolecules 2003, 36, 9093–9099.
[CrossRef]

24. Biben, T.; Munch, E. Strain-Induced Crystallization of Natural Rubber and Cross-Link Densities Heterogeneities. Macromolecules
2014, 47, 5815–5824. [CrossRef]

25. Middleton, W.I.; Davis, E.W. Skin effect in large stranded conductors at low frequencies. J. Am. Inst. Elect. Eng. 1921, 40, 757–763.
[CrossRef]

26. Franco, S. Design with Operational Amplifiers and Analog Integrated Circuits, 4th ed.; McGraw-Hill: New York, NY, USA, 2015; 672p.
27. Carter, B.; Mancini, R. Op Amps for Everyone, 5th ed.; Elsevier: Oxford, UK, 2018.

50



Polymers 2021, 13, 2411

28. Pilkey, W.D.; Pilkey, D.F. Peterson’s Stress Concentration Factors, 3rd ed.; John Wiley & Sons Inc.: Hoboken, NJ, USA, 2008;
pp. 180–184.

29. Robertson, C.G.; Ned, J.; Hardman, N.J. Nature of Carbon Black Reinforcement of Rubber: Perspective on the Original Polymer
Nanocomposite. Polymers 2021, 13, 538. [CrossRef]

30. Tang, Z.; Jia, S.; Zhou, C.; Li, B. 3D Printing of Highly Sensitive and Large-Measurement-Range Flexible Pressure Sensors with a
Positive Piezoresistive Effect. ACS Appl. Mater. Interfaces 2020, 12, 28669–28680. [CrossRef] [PubMed]

51





Citation: Sotomayor-del-Moral, J.A.;

Pascual-Francisco, J.B.;

Susarrey-Huerta, O.;

Resendiz-Calderon, C.D.;

Gallardo-Hernández, E.A.;

Farfan-Cabrera, L.I. Characterization

of Viscoelastic Poisson’s Ratio of

Engineering Elastomers via

DIC-Based Creep Testing. Polymers

2022, 14, 1837. https://doi.org/

10.3390/polym14091837

Academic Editors: Radek Stoček,
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Jonathan A. Sotomayor-del-Moral 1,†, Juan B. Pascual-Francisco 1,† , Orlando Susarrey-Huerta 2,
Cesar D. Resendiz-Calderon 3, Ezequiel A. Gallardo-Hernández 2 and Leonardo I. Farfan-Cabrera 3,*

1 Departamento de Mecatrónica, Universidad Politécnica de Pachuca, Carretera Pachuca-Cd. Sahagún Km. 20,
Ex-Hacienda de Santa Barbara, Zempoala 43830, HGO, Mexico; allan16@micorreo.upp.edu.mx (J.A.S.-d.-M.);
jbpascualf@hotmail.com (J.B.P.-F.)

2 SEPI-Escuela Superior de Ingeniería Mecánica y Eléctrica, Instituto Politécnico Nacional, Unidad Zacatenco,
Col. Lindavista, Ciudad de México 07738, CDMX, Mexico; osusarrey@ipn.mx (O.S.-H.);
egallardo@ipn.mx (E.A.G.-H.)

3 Escuela de Ingeniería y Ciencias, Tecnologico de Monterrey, Ave. Eugenio Garza Sada 2501,
Monterrey 64849, NL, Mexico; resendiz.cesar@tec.mx

* Correspondence: farfanl@hotmail.com
† These authors contributed equally to this work.

Abstract: New data of creep and viscoelastic Poisson’s ratio, ν(t), of five engineering elastomers
(Ethylene Propylene-Diene Monomer, Flouroelastomer (Viton®), nitrile butadiene rubber, silicone
rubber and neoprene/chloroprene rubber) at different stress (200, 400 and 600 kPa) and temperature
(25, 50 and 80 ◦C) are presented. The ν(t) was characterized through an experimental methodological
approach based on creep testing (30 min) and strain (axial and transverse) measurements by digital
image correlation. Initially, creep behavior in axial and transverse directions was characterized for
each elastomer and condition, and then each creep curve was fitted to a four-element creep model to
obtain the corresponding functions. The obtained functions were used to estimate ν(t) for prolonged
times (300 h) through a convolution equation. Overall, the characterization was achieved for the five
elastomers results exhibiting ν(t) increasing with temperature and time from about 0.3 (for short-term
loading) to reach and stabilize at about 0.48 (for long-term loading).

Keywords: rubber; material testing; rheology; Poisson’s ratio; viscoelasticity

1. Introduction

Elastomers are viscoelastic materials widely used in engineering applications. The
performance of elastomeric mechanical components not only depends on the material’s
mechanical properties but also on viscoelastic properties such as creep compliance, stress re-
laxation and viscoelastic Poisson’s ratio, ν(t), which are time- and temperature-dependent
properties. The viscoelasticity of a material is represented by a combination of both elastic-
ity and viscosity properties in different proportions, which is the reason that an elastomer
exhibits a variable elastic modulus dependent of time, stress and temperature. The Pois-
son’s ratio, ν, is defined as the negative constant ratio between transverse and axial strains
in a uniaxial state of stress, which is applied along the axial direction for any elastic, ho-
mogenous and isotropic material. Practically, for polymers, this property is assumed as a
constant, ν, instead of a time and temperature variable, ν(t), in design and performance
simulation of engineering components due to the complexity for its experimental determi-
nation [1–3]. However, the progress of computing and software technology for modern
engineering design has promoted the inclusion of more complex or nonlinear properties,
namely, the viscoelastic properties (stress relaxation, creep and ν(t)) of soft materials for
obtaining more accurate predictions of performance and service life of engineering compo-
nents via simulation [1–4]. For elastomers, the data of viscoelastic properties, particularly
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ν(t), are scarce in the literature. There only few works reporting on the characterization
of the time-dependent Poisson’s ratio of some elastomers. For example, Kuggler et al. [4]
determined the ν(t) of different Hypalon-based rubbers and hydroxyl terminated polybu-
tadiene rubber by using an optoelectronic system constant strain rate and stress relaxation
tests; they found an increase in Poisson’s ratio with time for all cases. Saseendran et al. [5]
determined the evolution of ν(t) of the commercial LY5052 epoxy resin at different cure
states under uniaxial tension subject to constant deformation stress relaxation testing. They
found that Poisson’s ratio evolved from 0.32 to 0.44 over time depending on the cure state
of the resin. Pandini and Pegoretti [6] investigated the phenomenology of the dependence
of Poisson’s ratio with temperature, time and strain of two crosslinked epoxy resins with
different glass transition temperatures using contact extensometers and the simultaneous
measurement of the axial and transverse deformations under two dissimilar tensile and
relaxation testing. They found that ν(t) increased with strain rate, temperature, and time.
Cui et al. [7] proposed a fully numerical framework based on a theory of stress relaxation
for the determination of time-dependent Poisson’s ratio for solid propellants (elastomer
composites). The time-dependent Poisson’s ratio was obtained under different cohesive
parameters, namely, loading conditions (loading temperature, loading rate and fixed strain)
and area fraction. They found that the numerical simulation revealed that time-dependent
Poisson’s ratio can be nonmonotonic or monotonic depending on different cohesive param-
eters. In addition, all time-dependent Poisson’s ratios increased at the beginning of the
relaxation stage because of cohesive contact. Then, once transverse and axial strains stop
changing, all time-dependent Poisson’s ratios achieved equilibrium values. In a more recent
research work, Cui et al. [8] proposed constitutive models relating ν(t) with a classical
creep constitutive model using a Laplace transform method and compared with stress
relaxation models. They found that, in analytical analyses, creep and relaxation models
solutions correlated well. It can be a reference that ν(t) can be obtained from creep or stress
relaxation data.

According to theory of viscoelasticity [9–11], ν(t) can be directly obtained from stress
relaxation tests by measuring the transversal strain with time, εx(t), after applying a
constant axial deformation, ε0, as expressed by Equation (1).

ν(t) = − εx(t)
ε0

(1)

In this manner, ν(t) is difficult to obtain accurately due to the minimal transverse strain
produced with time during a stress relaxation test even using sophisticated measurement
technology with high resolution. This is one of the reasons that published data of ν(t)
of elastomers are rarely reported. An alternative method to obtain ν(t) is through creep
tests followed by a converse methodological approach [9,12]. Creep tests are advantageous
because they allow the generation of larger strains in both axial and transverse directions
with time under a constant tensile or compressive load, which can be measured more
accurately and easily. This methodological approach and its rationalization have been
recently published previously elsewhere [13]. It has been demonstrated to be effective for
the evaluation of ν(t) of elastomers under different stress levels and temperatures by using
digital image correlation (DIC) for strain measurement.

Generally, the measurement of creep strain has been achieved by using gripping
extensometers or strain gauges adhered or gripped to the material sample in standard
tensile creep testing devices. Nevertheless, the application of these strain measurement
gauges can penetrate the sample producing disturbances in structural homogeneity
and producing stress concentrators in the material, as well as, restricting the free strain
produced in the sample. It is known to introduce some errors in the collected strain
data. Hence, in order to avoid errors in the strain measurement, some additional data
correction techniques [6] and techniques based on non-contact optical measurement
such as Moire interferometry, electronic speckle pattern interferometry (ESPI), shearog-
raphy, and digital image correlation (DIC) have been applied effectively [12,14,15]. The
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utilization of a non-contact strain measurement technique such as DIC allows accurate
creep strain determination in elastomers without interfering with the sample deforma-
tion during the creep strain state. Other alternatives have been proposed and used by
several research groups for evaluating the viscoelastic behavior of soft materials such as
elastomers, particularly creep. For instance, the standard methods include ASTM-D2990
and ISO 899–1:2003, some non-standard tensile test methods [16], dynamic-mechanical
analysis (DMA) [17], some methodologies based on nanoindentation [18,19] and micro-
and macro-indentation with axi-symmetric indenters [20–23]. Nonetheless, DIC-based
creep testing, in particular, has been demonstrated as a very suitable and accurate tool for
mechanical and viscoelasticity characterization of a wide range of materials, including
elastomers [24]. Moreover, DIC has been employed for purposes in elastomers. For
example, it has been used for studying fatigue crack growth behavior of elastomers,
in which plane strain tensile samples (thin and rectangular strips), also named as pure
shear samples, are preferred for this testing [25–27].

DIC is a non-invasive optical full-field measurement technique based on the com-
parison of digital images of an image in different stages of change/deformation. For the
comparison of the images, it recognizes patterns with different light intensity of an area.
Usually, the light intensity pattern is represented by small and well-defined contrasting
points detected in the images taken and processed. The points identified in the undeformed
image is recognized by contrasting with the light intensity pattern from the surrounding
area. Depending on the light intensity of each point, the points with identical light inten-
sity are identified in the deformed image. About 256 levels of grayscale are used for the
digitization of the light intensity in black and white images. Using a single camera-based
DIC system is sufficient to measure in-plane (two directions) deformations simultaneously,
which is sufficient to determine creep and ν(t).

Thus, the aim of this paper is to obtain and provide new data from an extensive novel
characterization of the ν(t) of various common engineering elastomers under different
tensile loads and temperatures through creep tests and using a single camera-based DIC
for obtaining accurate axial and transverse strain measurements in accordance with the
methodology reported in [13], which is described in the following section for purpose of
this research.

2. Materials and Methods

The ν(t) of five commercial elastomers (Ethylene-Propylene-Diene Monomer (EPDM),
Flouroelastomer (Viton®) (FKM), nitrile butadiene rubber (NBR), silicone rubber (VMQ)
and neoprene/chloroprene rubber (CR)), which are contemporarily used in a wide range
of engineering applications (static and dynamic seals, belts, support inserts, vibration
insulators, etc.), was determined by a methodological approach using tensile creep
tests and strain measurement by DIC. Overall, it comprises the methodological steps
shown in Figure 1: (1) measurement of creep strains (generation of the strain map by
DIC) in transverse, εx(t), and axial, εy(t), directions of an elastomeric sample during
a determined creep test period at constant temperature; (2) determination of the creep
strain functions in both directions by fitting the obtained data to a known viscoelastic
model; (3) estimation of the ν(t) using a numerical solution of a convolution equation
for each material and condition.

Both the axial and transverse creep strains of rectangle-shaped samples (60 mm × 5 mm
and 2 mm thickness) cut from black sheets of each elastomer were obtained simultaneously
by using a DIC equipment (Q-450: Dantec Dynamics, Skovlunde, Denmark) instrumented
in a home-built creep test set-up, as shown in Figure 1. Commonly, carbon black is
added to the elastomers during their manufacturing process to enhance their mechanical
properties [28] and provide black pigmentation to elastomers, which is the case of tested
elastomers. It is noteworthy that the strain measurement with DIC can be also applied
successfully in the study of materials pigmented with other colors, or even colorless, as
long as the required speckle pattern be achieved.
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Figure 1. Experimental setup and methodological steps for determining viscoelastic Poisson’s ratio
of elastomers.

The mechanical properties of the elastomers and parameters of the creep test and
DIC measurement are shown in Table 1. The tensile tests were conducted according
to the method specified in ASTM-D412 using dumbbell shape specimens with a gauge
length of 30 mm at a strain rate of 50 mm/min by using a tensile tester (UE22XX Digital
Electronic Tensile Testing Machine, Laryee, Beijing, China) with a load cell of 1 kN. The
hardness measurements were performed according to the method in ASTMD2240 in square
specimens with dimension of 20 mm using a Shore A type digital durometer (DD-100
Digital Shore Durometer Tester: ABQ Industrial, The Woodlands, TX, USA). The surface
roughness of each material was determined in an optical profilometer (Contour GT-K:
Bruker, Billerica, MA, USA) with an objective of 5X. The mean roughness of area (Sa) was
found to be in the range of 0.2–0.47 µm for all elastomers. The DIC parameters selected
have been useful and effective for the creep characterization of elastomers, as reported
in a previous research work [24]. The tested samples were finely speckled with white
paint for enabling the suitable detection for DIC. The creep tests were run under different
proportional tensile stresses and temperatures. They consisted of hanging a rectangular
specimen on a frame inside a thermal chamber with temperature control and then applying
the predefined tensile load through a dead weight lever system. Once the sample is heated
up and maintained at a predefined temperature, the tensile load is applied while DIC
measurements are run simultaneously. The sample temperature is measured and monitored
by three infrared sensors positioned over different regions of the sample to confirm a quasi-
homogenous temperature inside the chamber. To measure εx(t) and εy(t) produced in
the sample, a CCD camera (SpeedSense 9070: Phantom, Wayne, NJ, USA) possessing a
Zeiss Makro-Planar 50 mm f/2 ZF.2 lens and an image resolution of 1280 × 800 pixels was
employed. The camera was connected to a computer loaded with software Istra 4D (Istra
4D: Dantec Dynamics, Skovlunde, Denmark) for the camera configuration, data collection,
image processing, and strain computing. The Istra 4D software integrates an algorithm
for the numerical calculation of displacements and strain in the x- and y-directions. This
calculation is based on the tracking of every point of the image of the speckled sample at
any time. Thus, the “true” strain is directly calculated by the software.
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Table 1. Material properties and parameters of creep test and DIC measurement.

Material/Test Property/Parameter Value

Ethylene-Propylene-Diene Monomer (EPDM)
(Manufacturer: Rodillos BMR®, Guadalajara,
Jalisco, México)

Hardness, ASTM-D2240 (Shore A) 68.5 ± 2

Tensile breaking strength, ASTM-D412 (MPa) 14 ± 0.6

Flouroelastomer, Viton® (FKM)
(Manufacturer: Rodillos BMR®, Guadalajara,
Jalisco, México)

Hardness, ASTM-D2240 (Shore A) 77.5 ± 2

Tensile breaking strength, ASTM-D412 (MPa) 11 ± 0.7

Nitrile Butadiene Rubber (NBR)
(Manufacturer: Rodillos BMR®, Guadalajara,
Jalisco, México)

Hardness, ASTM-D2240 (Shore A) 73 ± 2

Tensile breaking strength, ASTM-D412 (MPa) 6.9 ± 0.5

Silicone rubber/Vinyl-Methyl silicone (VMQ)
(Manufacturer: Rodillos BMR®, Guadalajara,
Jalisco, México)

Hardness, ASTM-D2240 (Shore A) 47.5 ± 1.5

Tensile breaking strength, ASTM-D412 (MPa) 5 ± 0.8

Neoprene/Chloroprene Rubber (CR)
(Manufacturer: Rodillos BMR®, Guadalajara,
Jalisco, México)

Hardness, ASTM-D2240 (Shore A) 69 ± 2

Tensile breaking strength, ASTM-D412 (MPa) 3.5 ± 0.5

Strain measurement/DIC parameters

Subset (pixels) 17
Step (pixels) 3
Field of view (mm × mm) 55 × 36
Measurement points (points) 425
Temporal resolution (fps) 1
Camera distance (mm) 200
Image resolution (pixels × pixels) 1280 × 800
Spatial resolution (mm) 0.1
Strain resolution (mm/m) 0.25
Frame amount 1800
Measurement time (minutes) 30

Creep test

Tensile load (N) 2, 4, 6

Stress (kPa) 200, 400, 600

Temperature (◦C) 25 ± 1, 50 ± 2 and 80 ± 2

Test time (minutes) 30

The tests were run in triplicate (using new specimens without load history), each for
30 min, for all elastomers and conditions. The time selected was enough to generate the
first and second creep stages consistently in all elastomers, which is required to estimate
ν(t) [9,12].

Once the creep data (εx(t) and εy(t)) were obtained by DIC, the mean creep strain
functions (εx(t) and εy(t)) were determined from the three repeats. Afterwards, both mean
creep functions were used to predict the ν(t) functions for each material and condition
by Equation (2), which is a convolution integral equation based on a secure analytical
foundation of the viscoelasticity theory [9].

∫ t

0

ν(t − u)
du

εy(u)du = εx(t) + νgεy(t) (2)

νg is the glassy (instantaneous) Poisson’s ratio. Due to there not being an available
analytical solution for Equation (1), ν(t) should be evaluated for any time (tn) using the
next recurrence formula [1,12]:

ν(tn) =
−2εx(tn) + ν(tn−1)

(
εy(t0)− εy(tn − tn−1)

)
+ X(tn)

εy(tn) + εy(tn − tn−1)
(3)

where
X(tn) = ∑i=n−1

i=1 (ν(ti) + ν(ti−1))
(
εy(tn − ti)− εy(tn − ti−1)

)
(4)
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with

ν(t0) = νg = − εx(t0)

εy(t0)
(5)

and the following is the case.

ν(t1) = −−2εx(t1) + νg
(
εy(t1)− εy(t0)

)

εy(t1) + εy(t0)
(6)

Equation (3) should be evaluated for tn ≥ 2, where tn is the time to be evaluated,
tn−1 is the immediate previous time and t0 stands for t = 0. In this manner, ν(t) can be
estimated and predicted for the time required.

3. Results and Discussions

The data obtained from the three repeats were considered for the creep characteriza-
tion of all materials and conditions. As an example of the creep raw data results obtained
by DIC, the dispersion of the results of transverse and axial creep from the three repeats
obtained for FKM at 600 kPa and different temperatures is presented in Figures 2 and 3, re-
spectively. The maximum and minimum creep values, as well as the corresponding average
behavior of creep strain of both transverse and axial creep data, are plotted. Considering
the dispersion of the three repeats (gray shaded area), an average curve was generated for
each case. It was observed that three tests were sufficient to obtain significant repeatability.
The standard deviations (% error) obtained from the three repeats were in the range of
1.5–5.1 and 2.2–6.5 mm/m for axial and transverse creep strain, respectively. For most
of the materials, it was observed that the higher standard deviations correspond to the
measurements of creep in transverse direction (x). This is ascribed to the magnitude of
the transverse strains generated; they are very small in contrast to those obtained in the
axial direction. The DIC technique is known to be less effective for small strains. When
the strain is lower, accuracy and effectiveness become lower. The range of measurement
of the DIC system is from 100 micro-strains up to several 100% strain. In addition, other
sources causing error in the measurement are rigid body motion when load is applied to the
specimen, material structural defects, the non-uniformity in the geometry of the specimens,
and the speckle pattern painted over the sample. Rigid body motion is produced when
load is applied to the specimen. The electromechanical lever generates small vibrations,
especially in the transverse direction, which generates slight oscillations to the specimen.
Defects or inconsistencies in the homogeneity, continuity, and properties of the material
promote different creep behavior, generating a wider creep strain dispersion. The speci-
mens’ preparation, particularly the cutting of the samples, can produce some irregularities
such as non-uniform geometry. Variations in the geometry, in particular the cross-section of
the sample, causes higher or less stress to the sample and, therefore, higher or lower strains
varying the creep results. On the other hand, in a small extent, another source of the error
in the results is the variation of the light intensity captured by the CCD camera together
with the non-uniformity of the speckle pattern generated in the surface of the specimens.
The ideal speckle pattern for DIC should be composed of many as possible points with
similar geometry and light intensity and separated by a well contrasting area in order
to an accurate identification of the light patterns by DIC. However, it is very difficult to
achieve this speckle pattern homogeneity. Finally, despite the data dispersion obtained by
the creep tests and repeats, a clear trend of the creep curves was observed for all materials
and test conditions.
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For all cases, including all the repeatability tests, the first and second stages of creep
were clearly generated in both the axial, εx, and transverse, εy, directions. The first stage is
characterized by the instantaneous (elastic) strain and an abrupt strain rate decrease while
the second creep stage is recognized by a behavior approaching a nearly constant strain
rate. Thus, according to the creep strain behavior obtained in both axial and transverse
directions for all elastomers and conditions, it was found that all εx and εy average curves
correlated well with a four-element creep model. The model involves the connection in
series of the Maxwell and Kelvin–Voigt models [29], as expressed by the following:

ε(t) =
σ0

R1
+

σ0

η1
t +

σ0

R2

(
1 − e−

R2t
η2

)
(7)

where σ0 is the imposed constant stress, R1 and R2 are the elastic constants in the Maxwell
and Kelvin–Voigt models, respectively, and η1 and η2 are the viscous constants in each
model. Hence, the data of both mean transverse and axial creep strains were fitted to the
model in Equation (7), obtaining the corresponding creep strain function and elastic and
viscous constants for each elastomer and condition tested. The average creep functions and
the errors (standard deviations) of the fitted models obtained from the three test repetitions
conducted for all materials and conditions are summarized in Table 2.
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Table 2. Axial and transverse creep strain functions for the elastomers and conditions tested.

Material Stress
(kPa)

Temperature
(◦C) Axial Creep Strain Function, εy(t) Error

(%) Transverse Creep Strain Function, εx(t) Error
(%)

EPDM

200

25 εy(t) = 20 + 0.0078t + 35
(
1 − e−0.0492 t) 3.7 εx(t) = 5 + 0.0035 t + 10

(
1 − e−0.0835t) 9.5

50 εy(t) = 30 + 0.0111 t + 30
(
1 − e−0.0912 t) 5.5 εx(t) = 5 + 0.0051 t + 13

(
1 − e−0.0912 t) 4.4

80 εy(t) = 40 + 0.01754t + 85
(
1 − e−0.0321 t) 1.8 εx(t) = 10 + 0.008 t + 25

(
1 − e−0.0227 t) 3.1

400

25 εy(t) = 35 + 0.0069 t + 75
(
1 − e−0.023 t) 1.6 εx(t) = 10 + 0.0031 t + 28

(
1 − e−0.0298 t) 3.5

50 εy(t) = 100 + 0.0061 t + 57
(
1 − e−0.0121 t) 2.0 εx(t) = 35 + 0.0028 t + 19

(
1 − e−0.0244 t) 2.7

80 εy(t) = 120 + 0.0226 t + 120
(
1 − e−0.0097 t) 3.6 εx(t) = 40 + 0.0104t + 30

(
1 − e−0.0117 t) 3.6

600

25 εy(t) = 150 + 0.0061 t + 70
(
1 − e−0.0051 t) 3.0 εx(t) = 40 + 0.0026 t + 30

(
1 − e−0.0088 t) 2.0

50 εy(t) = 170 + 0.0139 t + 90
(
1 − e−0.0062 t) 4.0 εx(t) = 60 + 0.0061 t + 23

(
1 − e−0.0074 t) 3.3

80 εy(t) = 200 + 0.0611 t + 350
(
1 − e−0.0047 t) 4.8 εx(t) = 80 + 0.0104 t + 30

(
1 − e−0.0055t) 2.5

CR

200

25 εy(t) = 30 + 0.0061 t + 18
(
1 − e−0.0317 t) 3.1 εx(t) = 8 + 0.0026 t + 4

(
1 − e−0.0212 t) 6.3

50 εy(t) = 40 + 0.0099 t + 32
(
1 − e−0.0215 t) 1.4 εx(t) = 10 + 0.0044 t + 7

(
1 − e−0.0514 t) 3.4

80 εy(t) = 70 + 0.0192 t + 40
(
1 − e−0.0204 t) 2.4 εx(t) = 15 + 0.0085 t + 14

(
1 − e−0.0119 t) 4.1

400

25 εy(t) = 80 + 0.0069 t + 20
(
1 − e−0.0084 t) 1.9 εx(t) = 10 + 0.0031 t + 28

(
1 − e−0.0298 t) 4.8

50 εy(t) = 100 + 0.0113 t + 54
(
1 − e−0.0127 t) 3.0 εx(t) = 33 + 0.0052 t + 12

(
1 − e−0.0218 t) 3.8

80 εy(t) = 140 + 0.0226 t + 100
(
1 − e−0.0055 t) 2.3 εx(t) = 35 + 0.0106 t + 35

(
1 − e−0.01 t) 3.2

600

25 εy(t) = 100 + 0.0069 t + 56
(
1 − e−0.0101 t) 2.3 εx(t) = 35 + 0.0031 t + 18

(
1 − e−0.0147 t) 4.6

50 εy(t) = 170 + 0.0174 t + 150
(
1 − e−0.0029 t) 2.2 εx(t) = 60 + 0.0073 t + 12

(
1 − e−0.0066 t) 4.5

80 εy(t) = 400 + 0.0874 t + 350
(
1 − e−0.0031 t) 3.1 εx(t) = 100 + 0.0104 t + 50

(
1 − e−0.0113 t) 4.2

NBR

200

25 εy(t) = 10 + 0.0036 t + 18
(
1 − e−0.0660 t) 2.0 εx(t) = 2 + 0.0015 t + 7

(
1 − e−0.0822 t) 11

50 εy(t) = 25 + 0.0038 t + 22
(
1 − e−0.0379 t) 3.0 εx(t) = 8 + 0.0017 t + 3

(
1 − e−0.1207 t) 11

80 εy(t) = 30 + 0.0052 t + 22
(
1 − e−0.0379 t) 1.6 εx(t) = 10 + 0.0024 t + 1

(
1 − e−0.3615 t) 4.6

400

25 εy(t) = 60 + 0.0026 t + 15
(
1 − e−0.024 t) 1.0 εx(t) = 10 + 0.0012 t + 9

(
1 − e−0.064 t) 3.1

50 εy(t) = 70 + 0.0066t + 23
(
1 − e−0.0301 t) 3.0 εx(t) = 20 + 0.0031 t + 3

(
1 − e−0.0572 t) 5.5

80 εy(t) = 90 + 0.0071 t + 33
(
1 − e−0.0172 t) 2.3 εx(t) = 20 + 0.0034 t + 10

(
1 − e−0.036 t) 3.6

600

25 εy(t) = 100 + 0.0043 t + 33
(
1 − e−0.0173 t) 2.0 εx(t) = 30 + 0.0019 t + 12

(
1 − e−0.0145 t) 2.4

50 εy(t) = 120 + 0.0061 t + 55
(
1 − e−0.0103 t) 2.7 εx(t) = 40 + 0.0027 t + 12

(
1 − e−0.007 t) 2.6

80 εy(t) = 150 + 0.0157 t + 80
(
1 − e−0.0056 t) 2.0 εx(t) = 50 + 0.0073 t + 17

(
1 − e−0.0099 t) 3.9

VMQ

200

25 εy(t) = 60 + 0.0015 t + 20
(
1 − e−0.0232 t) 3.2 εx(t) = 10 + 0.0006 t + 25

(
1 − e−0.023 t) 4.2

50 εy(t) = 80 + 0.0034 t + 8
(
1 − e−0.0578 t) 1.9 εx(t) = 20 + 0.0015t + 12

(
1 − e−0.0479 t) 3.6

80 εy(t) = 80 + 0.0036 t + 8
(
1 − e−0.1044 t) 1.3 εx(t) = 20 + 0.0017 t + 5

(
1 − e−0.0724 t) 5.5

400

25 εy(t) = 140 + 0.0026 t + 28
(
1 − e−0.0129t) 2.6 εx(t) = 40 + 0.0012 t + 38

(
1 − e−0.0151 t) 3.3

50 εy(t) = 180 + 0.0036 t + 45
(
1 − e−0.0154 t) 1.7 εx(t) = 60 + 0.0017 t + 17

(
1 − e−0.0102 t) 2.4

80 εy(t) = 200 + 0.0054 t + 45
(
1 − e−0.0127t) 1.5 εx(t) = 70 + 0.0026 t + 5

(
1 − e−0.0722 t) 2.0

600

25 εy(t) = 400 + 0.0069 t + 150
(
1 − e−0.0115 t) 2.0 εx(t) = 120 + 0.0031t + 30

(
1 − e−0.0278 t) 3.0

50 εy(t) = 400 + 0.0034 t + 95
(
1 − e−0.0181 t) 1.1 εx(t) = 120 + 0.0016 t + 17

(
1 − e−0.0492 t) 2.3

80 εy(t) = 400 + 0.0034 t + 30
(
1 − e−0.0154 t) 2.2 εx(t) = 100 + 0.0017 t + 20

(
1 − e−0.0087 t) 2.2

FKM 200

25 εy(t) = 15 + 0.0038 t + 18
(
1 − e−0.0256 t) 4.3 εx(t) = 3 + 0.0015 t + 5

(
1 − e−0.1151 t) 22

50 εy(t) = 40 + 0.0083 t + 15
(
1 − e−0.0305 t) 2.4 εx(t) = 4 + 0.0034 t + 5

(
1 − e−0.0167 t) 5.5

80 εy(t) = 50 + 0.0062 t + 28
(
1 − e−0.0203 t) 1.4 εx(t) = 10 + 0.0026 t + 8

(
1 − e−0.0451 t) 5.6
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Table 2. Cont.

Material Stress
(kPa)

Temperature
(◦C) Axial Creep Strain Function, εy(t) Error

(%) Transverse Creep Strain Function, εx(t) Error
(%)

400

25 εy(t) = 40 + 0.0052 t + 15
(
1 − e−0.0114 t) 2.4 εx(t) = 10 + 0.002 t + 8

(
1 − e−0.0217 t) 3.6

50 εy(t) = 40 + 0.0076 t + 50
(
1 − e−0.0166 t) 3.8 εx(t) = 10 + 0.0031 t + 8

(
1 − e−0.0105 t) 3.7

80 εy(t) = 90 + 0.0075 t + 45
(
1 − e−0.0126t) 2.3 εx(t) = 20 + 0.0031 t + 15

(
1 − e−0.024 t) 2.8

600

25 εy(t) = 50 + 0.0061 t + 55
(
1 − e−0.0103 t) 3.2 εx(t) = 10 + 0.0024 t + 15

(
1 − e−0.0115 t) 3.9

50 εy(t) = 80 + 0.0095 t + 80
(
1 − e−0.007 t) 2.7 εx(t) = 15 + 0.004 t + 28

(
1 − e−0.0094 t) 2.9

80 εy(t) = 150 + 0.0069 t + 60
(
1 − e−0.0059 t) 3.3 εx(t) = 40 + 0.0029 t + 27

(
1 − e−0.0064 t) 3.1

Using the mean axial and transverse creep functions, ν(t) was determined for 300 h for
the different elastomers and test conditions. 300 h were selected as a considerable long-term
use period. However, using the same axial and transverse creep function reported in Table 2
and Equations (2)–(6), longer predictions of ν(t) can be estimated. The ν(t) results for each
tested elastomer at the different stress and temperature for 300 h are shown in Figures 4–8. t0
was assumed to occur at 1–2 s during stress application since the frame rate employed was
1 fps. Hence, the first strains (used to obtain glassy value) detected by DIC were obtained
by the correlation of the two first frames taken. In all cases, except EPDM and CR at the
highest temperature (80 ◦C) and stress (600 kPa), ν(t) increased with time and temperature
reaching a stable behavior. The increasing ν(t) with temperature has been demonstrated also
for other elastomers, e.g., hydroxyl-terminated poly-butadiene (HTPB) propellant [30]. In the
cases of EPDM and CR at the highest temperature and stress, ν(t) decreases with time. It is
because these materials are not resistant to those temperatures. They exhibit very high creep
rates reaching the third creep stage at high temperatures promoting very large axial strains
and minimal transverse strains, which reduces ν(t), especially at high stress. The increase in
ν(t) of the elastomers with temperature is associated to the approach of a liquid-like behavior
with increasing temperature, which tends to reach the Poisson’s ratio of an incompressible
material (ν ≈ 0.5) [31]. Stress had also influence on ν(t) for all the elastomers; however, it
did not exhibit a clear trend. Overall, ν(t) of all the elastomers increased from about 0.3 to
0.48 with time; the last being near to the constant values frequently used for characterizing
elastomers (≈ 0.45–0.5). Thus, it can be stated that ν(t) is low (about 0.3) at short-term loading,
but it increases and stabilizes to about 0.48 with the long-term loading for the elastomers tested.
This growth of ν(t) with time until reaching an almost stable value has been also reported by
other research groups for other viscoelastic materials [4–6,30–33]. It is noteworthy that this
behavior is also similar to the ν(t) behavior for stress relaxation for linear viscoelastic materials,
as reported in [32,33]. Considering the foundations of linear viscoelasticity, Aili et al. [32] and
Charpin and Sanahuja [33] postulated that the instantaneous and the stable ν(t) are similar for
creep and stress relaxation.
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Finally, the viscoelastic behaviors of the tested elastomers somehow depend on their
molecular weight, crosslinking strength and reinforcements (silica, carbon black, graphene,
carbon nanotubes, etc.). However, a deeper analysis of the relationship between chemical
composition/structure and ν(t) is out of the scope of the present work. It requires extensive
further research. The new behavior data of ν(t) for different elastomers at different con-
ditions obtained by this characterization work can be useful for modern design of a wide
range of elements with different engineering applications in which Poisson´s ratio plays
an important role on their performance with short- and long-term use. The experimental
method followed in this work for characterizing ν(t) was demonstrated to be suitable
for evaluating different elastomers with relative ease. Moreover, the implementation of
DIC for creep measurement allowed an accurate (with acceptable error) measurement of
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creep without restricting the strain produced in the material opposite to those techniques
employing strain gauges gripped on the specimens.
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4. Conclusions

The viscoelastic properties (εx(t), εy(t) and ν(t)) of ethylene-propylene-diene monomer,
flouroelastomer (Viton®), nitrile butadiene rubber, silicone rubber and neoprene/chloroprene
rubber at different stress (200, 400 and 600 kPa) and temperatures (25, 50 and 80 ◦C) were
successfully characterized through an experimental methodological method based on creep
testing and strain measurements via digital image correlation (DIC). The entire field of
DIC techniques was successfully employed for the simultaneous measurement of strain
in axial (εy) and transverse (εx) directions with time. The tests were effective to obtain
the first and second creep stages for all elastomers and conditions. The creep behaviors
obtained in both the transverse and axial directions for all the materials and conditions were
found to correlate well with a four-element creep model. Thus, average creep curves and
models for transverse and axial directions for each material and condition were obtained
and used for estimating the corresponding ν(t). The reported ν(t) of the five elastomers
were estimated through the convolve equation for 300 h. However, it can be determined
for more prolonged times by using the axial and transverse creep functions presented in
this work and the solution of the convolve equation. Overall, the new data reported in
this work suggest ν(t) to increase with temperature and time, raising from about 0.3 (for
short-term loading) to reach and stabilize a value to about 0.48 (for long-term loading) for
all tested elastomers. Finally, these results can be potentially applied for more accurate
analytical or numerical strain and stress analyses of the components made of elastomers
for both short- and long-term uses. In addition, the method implemented in this work will
facilitate the characterization of complex viscoelastic properties, particularly, creep and
ν(t), of conventional and new soft materials (e.g., elastomers), which could be a potential
tool for screening materials produced by different manufacturing technologies.
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Abstract: The way in which elastomers use mechanical energy to deform provides information
about their mechanical performance in situations that require substantial characterization in terms
of test time and cost. This is especially true since it is usually necessary to explore many chemical
compositions to obtain the most relevant one. This paper presents a simple and fast approach to
characterizing the mechanical and energy behavior of elastomers, that is, how they use the mechanical
energy brought to them. The methodology consists of performing one uniaxial cyclic tensile test
with a simultaneous temperature measurement. The temperature measurement at the specimen
surface is processed with the heat diffusion equation to reconstruct the heat source fields, which
in fact amounts to surface calorimetry. Then, the part of the energy involved in the mechanical
hysteresis loop that is not converted into heat can be identified and a quantity γse is introduced for
evaluating the energy performance of the materials. This quantity is defined as an energy ratio and
assesses the ability of the material to store and release a certain amount of mechanical energy through
reversible microstructure changes. Therefore, it quantifies the relative energy that is not used to
damage the material, for example to propagate cracks, and that is not dissipated as heat. In this paper,
different crystallizable materials have been considered, filled and unfilled. This approach opens many
perspectives to discriminate, in an accelerated way, the factors affecting these energetic performances
of elastomers, at the first order are obviously the formulation, the aging and the mechanical loading.
In addition, such an approach is well adapted to better characterize the elastocaloric effects in
elastomeric materials.

Keywords: elastomer; fast characterization; energy stored and released; heat source reconstruction;
intrinsic dissipation; infrared thermography

1. Introduction

Elastomers are widely used in many industries, such as automotive, nuclear or civil
engineering, for their high deformability, high damping and, for some of them, their high
fatigue resistance. As for most of the engineering materials, their design requires substan-
tial characterization time and cost, typically for fatigue [1–7], crack propagation [8–10],
aging [11–13] and damping [14], non-exhaustively. At a time when many sectors that use
elastomeric materials are undergoing deep technological changes, such as health with
implantable medical devices or mobility with the desire to decarbonize transportation, it is
necessary to develop new materials and new technological solutions that must be evaluated
in an increasingly limited time and at a low cost. In addition, crystallizing elastomers are
increasingly studied for their elastocaloric properties [15–17] and criteria are needed to
compare their energy performance. This is why the development of fast characterization
methods for rubbers, allowing a classification of the desired performances, however basic,
is today a major challenge in most industries.

What makes elastomers attractive for many applications is that their mechanical
response exhibits a hysteresis loop. The mechanical hysteresis is generally obtained by
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adding fillers in the rubber matrix and/or strain-induced crystallization (SIC) and melting.
Classically, the mechanical energy involved in the hysteresis loop is assumed to be mainly
dissipated into heat. Nevertheless, several observations question this assumption:

• The mechanical response of some elastomers exhibits a hysteresis loop only when
strain-induced crystallization (SIC) occurs, typically in case of unfilled natural rubber
(NR) [18]. In this case, no self-heating accompanies the mechanical cycles, which
indicates that SIC does not induce or has very little viscosity. This was first intuited by
Clark [19] and confirmed by [20–22];

• The mechanical hysteresis can be not time-dependent [23–26]. This is not expected for
viscous materials;

• If all the energy contained in the hysteresis loop were due to viscosity, the self-
heating would be much higher than that observed experimentally, especially under
repeated cycles.

One can therefore wonder about the nature and the time dependency of the phenom-
ena involved in the formation of the hysteresis loop and about the real contribution of the
intrinsic dissipation to it. To go further in the discussion, it is necessary to recall that in
addition to the intrinsic dissipation two other factors can affect to the mechanical hysteresis:

(a) The thermal dissipation (under non adiabatic test conditions). If heat is exchanged
with the specimen’s outside, then a hysteresis loop in the stretch-stress relationship
can theoretically form, the current temperature appearing in the elastic coupling. In
most of the homogeneous tests (in terms of heat source field, see Section 2) performed,
considering the thermal properties of elastomers and the loading rate relatively high,
the thermal dissipation does not contribute significantly to the mechanical hysteresis;

(b) The change in microstructure. In this case, all the work done to the system is not
measured as an apparent temperature change (see for instance the recent studies
by [27] on polyurea who concluded that a significant part of the mechanical energy
is used by the material to reorganize or by Le Cam [22] who demonstrated that the
mechanical hysteresis of the unfilled natural rubber he studied was entirely due to the
difference in kinetics between crystallization and crystallite melting).

Thus, of the many phenomena that can contribute to the hysteresis loop, some do not
appear to dissipate energy as heat. This is in fact what is assessed with self-heating tests for
evaluating the fatigue properties [28]. Therefore, the level of self-heating or more precisely
intrinsic dissipation must be put into perspective in relation to the energy rate involved
in the hysteresis loop. Even more interesting is the part of the mechanical energy brought
that is stored and released by reversible microstructure changes, which is not dissipated as
heat or used to damage the material, for example to propagate cracks. In the extreme, the
mechanical response of an unfilled natural rubber exhibits a hysteresis loop as soon as it is
crystallizing, while no (or minimally) energy is converted as heat [22].

Considering that contributions to the hysteresis loop change when one chemical
formulation is substituted to another one (see for example [29]), or when one or more
ingredients of a chemical formulation is changed to improve a given property (see, for
example, [30–33]), the present study assumes that identifying the energy contributions and
associated phenomena involved in the mechanical hysteresis is a reliable indicator of the
material’s performances.

Such analysis echoes the pioneering work by [34,35] who measured the latent energy
remaining after cold working in a metal under quasi-static monotonous loadings. Today,
the fraction of the anelastic deformation energy rate irreversibly converted into heat is
studied through the Taylor–Quinney ratio [36–40]. Polymers have then benefited from this
approach in the Rittel’s group [41,42] and the Chrysochoos’s group [43,44]. Concerning
elastomers, only four recent studies investigate the energetic behavior and the energy stor-
age during deformation [22,45–47]. From these studies, the energy storage in different types
of elastomers, filled and unfilled, crystallizing or not, can be discussed. The main difference
with the pre-mentioned materials is that the energy stored elastically with a given kinetics is
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released within the same mechanical cycle, but with a different kinetics. This energy serves
for reversible changes in microstructure, typically when the crystallization—crystallite
melting process occurs in natural rubbers [20,48]. Section 2 presents the thermodynamics
framework for calorimetry under stretch from surface temperature measurements, the
methodology for energy balances and the definition of the characteristic quantity giving
the energy performance. Section 3 presents a typical experimental setup. Section 4 provides
illustrations with different materials, inspired from three recent studies carried out in our
group [22,45,47], which provides the first comparison of elastomers according to their
energy performances. Concluding remarks close the paper.

2. Thermodynamic Framework

Identifying the phenomena involved in the mechanical hysteresis requires the calcula-
tion of several continuum quantities that are recalled in this section. The calculations are
carried out in the case of the uniaxial tension.

2.1. Total Strain Energy Density and Energy Rate Involved in the Hysteresis Loop

The strain energy density Wstrain (in J/m3) is the energy brought mechanically to
deform the material. It corresponds to the area under the load (unload) strain–stress curve
and is calculated as follows:

W load
strain =

∫

load

π dλ and Wunload
strain =

∫

unload

π dλ, (1)

where λ is the stretch defined as the ratio between current and initial lengths. π is the
nominal stress, defined as the force per unit of initial (undeformed) surface. If the material’s
behavior is purely elastic and if the test is carried out under adiabatic loading conditions,
then the mechanical response obtained during a load-unload cycle is such that no hysteresis
loop forms (W load

strain = Wunload
strain ). If a hysteresis loop forms, the mechanical energy dissipated

over one cycle Wcycle
hyst is defined as follows:

Wcycle
hyst = W load

strain −Wunload
strain . (2)

From this energy, a quantity Pcycle
hyst is calculated in W/m3. It is obtained by dividing

Wcycle
hyst by the cycle duration. It is therefore an energy density per time unit or an energy rate.

It should be noted that when the mechanical cycle is also a thermodynamic cycle, the energy
contained in the hysteresis loops is only due to intrinsic dissipation and thermomechanical
coupling effects as long as the specific heat is assumed to be constant (further details are
provided in [49,50]). This will be used in the following for carrying out the energy balances
and to identify the intrinsic dissipation.

2.2. Heat Sources

During the mechanical cycle, the material produces and absorbs heat. Under non
adiabatic conditions, corresponding temperature variations are influenced by heat diffusion
effects. Therefore, temperature is not the relevant quantity to investigate the thermomechan-
ical behavior of materials under non-adiabatic conditions, as most of classical mechanical
tests are. This is the reason why the heat source (or the heat power density) is calculated
from the heat diffusion equation and the temperature measurement (see [51,52] for further
details). The heat source does not depend on the heat diffusion effects and is thus intrinsic
to the thermomechanical behavior of materials. Considering the heat source field as homo-
geneous during uniaxial tensile loading, the formulation of the heat diffusion equation can
be simplified as follows:

ρC
(

θ̇ +
θ

τ

)
= S, (3)
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where ρ is the initial density, C is the specific heat, θ is the temperature variation with
respect to the equilibrium temperature Tre f in the reference state, corresponding here to the
undeformed state. The heat sources S can be divided into two terms that differ in nature:

- the intrinsic dissipation Dint: this positive quantity corresponds to the heat produc-
tion due to mechanical irreversibilities during the deformation process, for instance
viscosity or damage;

- the thermomechanical couplings Stmc: they correspond to the couplings between the
temperature and the state variables, and describe reversible deformation processes.
Consequently, their integration with respect to time over one thermodynamical cycle
is null.

Equation (3) is formulated in the case where the ambient temperature Tamb is constant
during the test. In case where changes in ambient temperature occur, the term θ

τ has to be
corrected accordingly as T−Tamb

τ . τ is a parameter characterizing the heat exchanges between
the specimen and its surroundings. It can be easily identified from a natural return to room
temperature after a heating (or a cooling) for each testing configuration (machine used,
environment, stretch level, etc). For instance, in cases where the material is beforehand

heated, the exponential formulation of the temperature variation θ(t) = θ0e
−(t−t0)

τ is used to
determine τ, where t is the time in s and θ0 = θ(t = t0). Further details are provided in [18].
It should be noted that under uniaxial tension, τ depends on the stretch only (τ = τ(λ)) (It
should be noted that in the case of heterogeneous strain fields, τ spatially varies according
to the heterogeneous change in the thickness, that is, to the stretch and to the biaxiality ratio
B (τ = τ(λ, B). Further information on the identification of a τ field is provided in [53]).
Several strategies can be applied for determining τ(λ). Either it is evaluated for different
stretch levels or by considering the material to be incompressible and the thickness changes
to be proportional to λ−

1
2 , so that τ = τ(λ) = τ0λ−

1
2 . It should be noted that when the

material is crystallizing, the second strategy is preferred. Indeed, a change in temperature
of the material (heating or cooling) changes the crystallinity. Therefore, an additional
heat production or absorption is obtained during the return at the initial crystallinity,
which affects the temperature variation during the return at ambient temperature and,
consequently, the identification of τ.

2.3. Identifying the Mean Intrinsic Dissipation

Integrating the heat source, that is, the left member of Equation (3), with respect to time
over one thermodynamical cycle gives the energy density due to intrinsic dissipation, the
integration of the thermomechanical couplings being null. This energy is then divided by
the cycle duration to obtain the mean intrinsic dissipation D̃int. This amounts to applying
the following formula:

D̃int =
1

tcycle

∫

cycle
S dt =

1
tcycle

∫

cycle
(Dint + Stmc) dt =

1
tcycle

∫

cycle
Dint dt. (4)

2.4. Energy Balance

Energy balance is carried out from both the mechanical and the calorific responses.
The mechanical response provides the strain energy density and its rate Pcycle

hyst involved

in the hysteresis loop. The difference between Pcycle
hyst and D̃int gives the rate of the energy

stored and released due to microstructure changes at each cycle:

Pcycle
stored = Pcycle

hyst − D̃int. (5)
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To further discuss on the relative contribution of the energy stored in the hysteresis
loop of rubbers, a ratio γse has been proposed in our group [45,46]. It is written in terms of
energy as follows:

γse =
Wcycle

stored

Wcycle
hyst

(6)

• if γse tends to 0, no energy is stored during the deformation. The whole hysteresis
loop is due to the intrinsic dissipation,

• if γse tends to 1, the whole hysteresis loop is due to energy stored and no intrinsic
dissipation is detected. This is typically the case in unfilled natural rubber [18], for
which the energy stored in the crystallites is released with a different kinetics during
their melting.

3. Overview of the Experimental Setups

Three different materials have been considered:

- an unfilled natural rubber, denoted U-NR and studied in [21]. Its chemical composition
is given in Table 1;

- a carbon black filled natural rubber studied in [47], denoted F-NR. Its chemical com-
position is given in Table 1;

- an unfilled thermoplastic polyurethane, also crystallizable under tension, denoted
TPU and studied in [45]. It is referred to as Irogran® A87H4615 TPU from the Hunts-
man corporation (The Woodlands, TX, USA). It is elaborated by reacting together a
diisocyanate, a macro diol (long chain diol), which is a polyester in the present case,
and a small molecule chain-extender (butane diol) [54].

Table 1. Chemical composition in parts per hundred rubber (phr).

Ingredient U-NR [21] F-NR [47]

Natural rubber NR 100 100
Carbon black 0 20–30
Antioxidant 1.9 2–4
Stearic acid 2 2

Zinc oxide ZnO 2.5 10
Accelerator 1.6 2–4

Sulfur 1.6 1.5

The experimental setups are briefly recalled in Table 2. It should be noted that the
loading conditions differ from one study to another, depending on the considered appli-
cation, but lead to thermodynamical cycles from which energy balance can be carried
out. Generally, the stretch is calculated from the initial length of the virgin specimens
and is not corrected while a permanent deformation can appear and grow as the cycles
follow each other. The temperature was measured with infrared cameras, which were
switched on several hours before testing in order to ensure their internal temperature to
be stabilized. The calibration of camera detectors was performed with a black body using
a Non-Uniformity Correction (NUC) procedure. A typical experiment setup is given in
Figure 1, which enabled us to stretch the specimens symmetrically. All the specimens
tested had cylindrical ends that avoid any slippage with the grips and makes accurate the
determination of the initial length.
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Actuator

IR camera

Upper grip

Lower grip

Specimen

Temperature

measurement

zone

IR image

!

U

U

Figure 1. Typical experimental setup: the specimen is stretched symmetrically with a home-made
biaxial testing machine, the temperature field is measured with an infrared camera.

Table 2. Summary of the experiments performed.

Materials

U-NR F-NR TPUReference [21] [47] [45]

Filler type - CB -
and amount (phr) 0 20–30

Crystallizable under
strain Yes Yes Yes

Specimen geometry
(mm): Width ×

Length × thickness
5 × 10 × 1.4 10 × 24 × 2 9 × 20 × 5

Testing machine Instron 5543, one
moving grip

Homemade biaxial
tensile machine,

symmetric loading

Instron 5543, one
moving grip

Mechanical loading 3 cycles at λ =2, 5, 6
and 7.5

3 cycles at λ =2.5, 4
and 6

5 cycles at λ = 1.5, 2,
2.5 and 3

Constant loading rate
(mm/min)/strain

rate (s−1)

±100 and
±300/±0.17 and

±0.51
±300/±0.21

±100 and
±300/±0.08 and

±0.25

Infrared camera,
resolution

Cedip Jade III,
320 × 240 px

FLIR X6540sc,
640 × 512 px

FLIR X6540sc,
640 × 512 px

Motion compensation
technique Yes No Yes
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Remark on the Temperature Measurement

If the specimen is stretched by the displacement of only one jaw, which means that the
initial temperature measurement area is shifted in the tensile direction, the temperature
field must be initially homogeneous in order to calculate the heat sources. However, most
of the testing machines and in particular the hydraulic ones lead to a thermal gradient
in the specimen because the jaws are not at the same temperature. Therefore, a thermal
camera has to be used in order to track the measurement area in the thermal images (see for
instance [21]). If the specimen is stretched by moving the two jaws symmetrically, the initial
temperature measurement area does not move and only one spot measurement with, for
example, a pyrometer is possible, which reduces drastically the thermal measurement cost.

4. Results and Discussion

Figure 2 presents the mechanical responses of the unfilled NR obtained at ±0.17 s−1

(on the left hand side) and ±0.51 s−1 (on the right hand side) in terms of the nominal
stress versus the stretch. They are extracted from [21]. For the two loading rates, no stress
softening is observed between cycles and the loading rate has no effect on the stiffness
expect for the highest stretch at λ4 = 7.5 that induces the highest crystallinity. In this case,
the highest loading rate leads to the highest stiffness. For cycles at λ1 = 2 and λ2 = 5, no
hysteresis loop is observed. For cycles at λ3 = 6, a hysteresis loop forms, which closes at a
stretch equal to 3, which is close to the stretch at which crystallite melting is assumed to
be complete. It should be noted that the crystallization onset is about 4, meaning that the
crystallinity is not high enough to form a hysteresis loop. For cycles at λ4 = 7.5, a plateau is
observed from λ = 6 on, followed by a stress increase that is higher at the highest loading
rate, as previously observed and explained in [55,56]. As for the previous cycles at λ3 = 6,
the hysteresis loop closes at around λ = 3.
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Figure 2. Mechanical responses of the unfilled NR obtained at ±0.17 s−1 (on the left hand side) and
±0.51 s−1 (on the right hand side), extracted from [21].

Figure 3 presents the mechanical responses of the TPU obtained at ±0.08 s−1 (on the
left hand side) and ±0.25 s−1 (on the right hand side), extracted from [45]. The mechanical
responses exhibit softening, residual stretch and hysteresis, which was widely investigated
in the literature by [57–60] and is similar to that observed in filled rubbers. It should be
noted that the loading rate does not affect significantly the stiffness, which is a less intuitive
result when considering that a hysteresis loop is mainly due to viscosity. This is further
discussed in [45].
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Figure 3. Mechanical responses of the TPU obtained at±0.08 s−1 (on the left hand side) and±0.25 s−1

(on the right hand side), extracted from [45].

Figure 4 presents the mechanical response of the F-NR obtained at±0.21 s−1, extracted
from [47]. As expected, adding fillers to a natural rubber induces a hysteresis loop, this is
the reason why it is observed in the mechanical response even at a stretch inferior to the
crystallization onset. Furthermore, a stress softening is observed as well as a permanent
set. In the case of a filled crystallizing rubber, a typical point is to define what is the part
of the energy converted into heat and the one stored reversibly in one thermodynamical
cycle. Obviously, this has a consequence on the self-heating and on the energy available
for damaging the material, typically discussed in studies dealing with fatigue and fracture
mechanics in elastomers.
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Figure 4. Mechanical response of the F-NR obtained at ±0.21 s−1, extracted from [47].

The hysteresis loop observed in the mechanical responses of these three materials is
due to the different possible contributions recalled in the introduction section. The aim
of the following is to identify these contributions. For that purpose, the methodology
described in Section 2 has been applied to each material:

• First, the heat source S has been calculated from Equation (3) for each stabilized cycle
at different maximum stretches (these cycles are considered as thermodynamical ones),
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• Second, Pcycle
hyst and D̃int have been determined from Equations (2) and (4) respectively,

• Third, the γse ratio has been calculated from Equation (6).

In the following, γse is first plotted versus stretch for the unfilled NR and the TPU
in Figure 5, which provides the first comparison of rubber compounds with respect to
their energy behavior. We recall here that the higher the value of γse, the higher the energy
storage capacity of the material. If γse = 1, then no intrinsic dissipation is involved in
the hysteresis loop, that is, no mechanical energy is converted into heat and 100% of the
normalized area of the hysteresis loop is energy stored and released during the cycle. The
γse—stretch relationship for the unfilled NR is given by the green curve in the diagram and
was found close to 1, whatever the loading rate and the stretch level once the material is
crystallizing (λ > λc ≈ 4). For stretches inferior to the crystallization onset, no hysteresis
loop forms. This illustrates, as demonstrated in [22], that all the energy involved in the
hysteresis loop is stored by the crystallization processes and fully released during the
crystallite melting. It can be therefore seen as a “cold energy”. For the TPU material at the
strain rate of ±0.25 s−1, γse is about 0.8 at a stretch of 1.5 and increases with stretch. It is
close to 1 for stretches from 2.5 on. The energy involved in the hysteresis loop is therefore
almost not converted into heat and the higher the stretch level the higher the relative energy
stored in the material. This strong similitude with the unfilled natural rubber is explained
by the fact that the TPU considered here crystallizes under tension, but also by the fact that
the multi-phase nature of TPU induces strong self-organization as suggested in [27] and
regardless of whether it crystallizes or not as shown in [61]. It should be noted that for a
strain rate of four times lower, the ratio is close to 1 whatever the stretch applied.
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Figure 5. Energy characterization in terms of γse versus stretch for the U-NR at 0.17 and 0.51 s−1 (in
green) and the TPU (in black).

Figure 6 gives γse versus stretch for the filled NR stretched at the rate of the same
order of magnitude as the lowest rate applied to the unfilled NR. It was observed that
about 80% of the energy involved in the hysteresis loop is dissipated as heat at the lowest
stretches applied (maximum 4, which induces a very low crystallinity). This means that
adding fillers does not only induce viscosity but enables the material to store a part of
the mechanical energy without converting it into heat, mechanical energy that is not used
to damage and self-heat the material (this energy storage effect of the filler network was
also highlighted in the case of carbon black filled acrylonitrile rubber (see [46] for further
information)). When the material is crystallizing (when stretch at λ = 6), the relative energy
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stored strongly increases from 20% of the hysteresis loop area at λ = 4 to 50% (γse = 0.5) at
λ = 6. As industrial natural rubbers are filled, comparing their energy behavior amounts
to comparing the area under the red curve in the diagram. Typically, the lower this area in
the deformation domain defined by the industrial application, the higher the self-heating
and energy used to damage the material and the lower the elastic energy stored reversibly.
From an elastocaloric point of view, identifying the relative contribution of the intrinsic
dissipation during one cycle is of paramount importance as it opposes the heat absorption
during the unloading and consequently it reduces the cooling.
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5. Conclusions

This paper presents a simple and fast approach to determining the energy behavior
of elastomers from cyclic uniaxial tensile loadings and temperature measurements. The
temperature measurement is used to reconstruct the heat source, that is, the calorimetric
response, from the 0D formulation of the heat diffusion equation. Based on the mechanical
and calorimetric responses, a ratio γse is calculated to relativise the energy stored and
released at each cycle. Results show that viscosity is not systematically the preponderant
contribution to the hysteresis loop, whatever the elastomer considered, filled and unfilled,
crystallizing or not: the mechanical energy brought to the material is not entirely dissipated
into heat and can be mainly used by the material to change its microstructure. Therefore,
γse assesses the ability of the material to store mechanical energy through reversible
microstructure changes, energy that is not dissipated as heat and used to damage the
material, for example, to propagate cracks. The results obtained enable us to characterize
and to compare different materials according to their energetic performance. This study
thus proposes an approach well adapted to the design of elastomer parts and opens many
perspectives to discriminate, in an accelerated way, the factors affecting these energetic
performances, at the first order are obviously the formulation, the aging and the mechanical
loading. This makes it a very promising tool for further investigating the thermomechanical
behavior of rubbers and for validating and enriching physical thermodynamical models.
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This paper presents a simple and fast approach to determining the energy behavior
of elastomers from cyclic uniaxial tensile loadings and temperature measurements. The
temperature measurement is used to reconstruct the heat source, that is, the calorimetric
response, from the 0D formulation of the heat diffusion equation. Based on the mechanical
and calorimetric responses, a ratio γse is calculated to relativise the energy stored and
released at each cycle. Results show that viscosity is not systematically the preponderant
contribution to the hysteresis loop, whatever the elastomer considered, filled and unfilled,
crystallizing or not: the mechanical energy brought to the material is not entirely dissipated
into heat and can be mainly used by the material to change its microstructure. Therefore,
γse assesses the ability of the material to store mechanical energy through reversible mi-
crostructure changes, energy that is not dissipated as heat and used to damage the material,
for example, to propagate cracks. The results obtained enable us to characterize and to com-
pare different materials according to their energetic performance. This study thus proposes
an approach well adapted to the design of elastomer parts and opens many perspectives to
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discriminate, in an accelerated way, the factors affecting these energetic performances, at
the first order are obviously the formulation, the aging and the mechanical loading. This
makes it a very promising tool for further investigating the thermomechanical behavior of
rubbers and for validating and enriching physical thermodynamical models.
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Abstract: The influence of carbon black (CB) structure and surface area on key rubber properties such
as monotonic stress-strain, cyclic stress–strain, and dynamic mechanical behaviors are investigated in
this paper. Natural rubber compounds containing eight different CBs were examined at equivalent
particulate volume fractions. The CBs varied in their surface area and structure properties according
to a wide experimental design space, allowing robust correlations to the experimental data sets
to be extracted. Carbon black structure plays a dominant role in defining the monotonic stress–
strain properties (e.g., secant moduli) of the compounds. In line with the previous literature, this
is primarily due to strain amplification and occluded rubber mechanisms. For cyclic stress–strain
properties, which include the Mullins effect and cyclic softening, the observed mechanical hysteresis
is strongly correlated with carbon black structure, which implies that hysteretic energy dissipation at
medium to large strain values is isolated in the rubber matrix and arises due to matrix overstrain
effects. Under small to medium dynamic strain conditions, classical strain dependence of viscoelastic
moduli is observed (the Payne effect), the magnitude of which varies dramatically and systematically
depending on the colloidal properties of the CB. At low strain amplitudes, both CB structure and
surface area are positively correlated to the complex moduli. Beyond ~2% strain amplitude the effect
of surface area vanishes, while structure plays an increasing and eventually dominant role in defining
the complex modulus. This transition in colloidal correlations reflects the transition in stiffening
mechanisms from flexing of rigid percolated particle networks at low strains to strain amplification
at medium to high strains. By rescaling the dynamic mechanical data sets to peak dynamic stress and
peak strain energy density, the influence of CB colloidal properties on compound hysteresis under
strain, stress, and strain energy density control can be estimated. This has considerable significance
for materials selection in rubber product development.

Keywords: carbon black; elastomer; rubber; tensile; Mullins effect; Payne effect; dynamic strain;
hysteresis; natural rubber

1. Introduction

The use of carbon black (CB) as a reinforcing agent for rubber allows for very precise
tuning of rubber compound behavior via the appropriate selection of the colloidal prop-
erties and loading level of the CB in the compound. The incorporation of CB into rubber
affects practically every aspect of rubber behavior. Properties of particular interest include
the stress–strain and dynamic mechanical behavior of rubbers. These properties have major
influences on final product performance, including the static and dynamic stiffness and
deflection of the rubber under various loading conditions, material compliance and traction
(in the case of rubber–surface contact, experienced for example in tires and dynamic/static
seals), and the heat buildup and mechanical energy dissipation of the rubber product,
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which is of particular concern for tire fuel efficiency. These properties play a critical role
in defining the fatigue and lifetime performance of rubber products, although fatigue
performance is beyond the scope of this particular work.

A substantial body of historical experimental work has been performed in order to
understand the role of CB in rubber reinforcement, particularly in regard to selection
of CB and the effects of CB on the functional and material properties of rubber com-
pounds [1–9]. However, large gaps in the understanding of the exact mechanisms of
reinforcement persist. Specifically, the mechanisms by which rubber is stiffened by incor-
poration of CB and other particulates as well as the strain history (Mullins Effect) and
dynamic strain amplitude dependence (Payne Effect) of CB-reinforced rubbers remain in-
completely understood, despite being of broad industrial significance. The basic stiffening
effect of CB has to various degrees been attributed to strain amplification/overstrain of
the rubber matrix [10–13], particulate networking/flocculation [14–16], and modifications
to the local dynamics of the rubber matrix [17,18], all of which are dependent on the strain,
temperature, and strain rate conditioning of the rubber compound. The strain history, or
Mullins Effect, which is typically measured at moderate to large strains, has been exten-
sively investigated [19–22] and attributed to microstructural damage or reorganizations
originating from strain amplification/overstrain of the rubber matrix [23], strain dependent
rupture or damage of flocculated particle clusters (which may [17] or may not [24,25] be
percolated via surface immobilized polymer fractions), and slippage or rupture of physi-
cally or chemisorbed rubber chain–CB bonds [3,26]. The Payne Effect is observed at low to
moderate strains, typically by application of dynamic strain ramps, and has been attributed
to a breakdown and reformation of a particle network within the rubber which is percolated
via direct particle contacts, van der Waals interactions [14,27,28], or surface-immobilized
rubber [17]. Conversely, it has also been proposed that labile connections between the
rubber matrix and the particle surface are responsible for the Payne Effect [29,30]. A com-
plete and fully accepted microstructural explanation of these various manifestations of
particulate reinforcement of rubber is yet to be realised. It is important to note that any
such explanation should be capable of describing all observed phenomenology of rubber
reinforcement. To that end, it is important to comprehensively map out the influence of CB
colloidal properties on these manifestations of rubber reinforcement.

The fundamental particulate unit of carbon black is the aggregate, which is formed
by a fused assembly of broadly spherical para-crystalline primary particles with diame-
ters ranging from ~200 nm to ~5 nm. The number and spatial arrangement of primary
particles comprising the aggregate define its “structure” level. Particle size and structure
level are parameters which can be independently controlled during production of car-
bon black in furnace reactors. Particle size can be measured directly using transmission
electron microscopy [31] or inferred from bulk measurements of surface area using gas
adsorption techniques [32]. Structure is typically measured by oil adsorption tests [33,34].
These parameters play a key role in defining the levels of reinforcement imparted to a
rubber compound by carbon black. For example, primary particle size is the key parameter
defining both the contact area between CB and rubber and the number of aggregates per
unit volume of rubber, and therefore governs the average inter-aggregate distance and
aggregate–aggregate “networking”. From simple geometrical considerations, the number
density of primary CB particles per unit volume of rubber compound scales with the cube
of the surface area. The aggregate structure is related to the volume of rubber occluded or
screened from globally-applied strains by aggregate branches [30,35]. The effective volume
fraction of solid in a rubber compound is therefore the sum of the CB volume and the
volume of occluded rubber, with the latter directly related to CB structure level [35–37].
This has a direct impact on levels of strain amplification in the compound. Other impor-
tant parameters of carbon black include surface chemistry/activity [3], porosity, thermal
history [3,38], and the distributional nature of primary particle size and aggregate struc-
ture [37]. A detailed exploration of the effects of these parameters on rubber compound
behavior is beyond the scope of this study.
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In this work, we comprehensively examine the influence of CB surface area and
structure on key properties of natural rubber compounds prepared with iso-loading (and
volume fraction) of CB. A very wide colloidal space experimental design approach is taken,
using furnace CBs varying only in their respective levels of structure and surface area. The
wide colloidal space approach allows interpolation of our results and conclusions to cover
the majority of industrial furnace CBs. From the resulting rubber compound data, new
correlations and key insights can be drawn into the origins of CB reinforcement and design,
and selection guides for CBs are consequently revisited.

2. Materials and Methods
2.1. Materials

Compounds of SMR CV60 natural rubber (NR) reinforced with eight different carbon
black (CB) grades at 50 parts per hundred (phr) loading were prepared. An unreinforced
NR counterpart was included in the tests for comparison. The CBs used in this study
were selected to cover a broad range of surface area and structure, roughly correlating
to a dual-factor central composite experimental design (as shown in Figure 1). Figure 1
shows several commonly used CB grades (N772, N660, N347, N330, N220, N115). These
CBs are not evaluated in this work but are included in the figure to provide additional
context. Table 1 shows the compound formulation used in this study. Table 2 provides
the structure and surface area of the various CB grades. For the purposes of this paper,
a naming convention is adopted which allows the reader to immediately identify the
type of CB based on its CB structure and surface area; this is provided in Table 2 as
well. The structure (measured by compressed oil absorption number, COAN) and surface
area (measured by statistical thickness surface area, STSA) values of the CBs are listed
as a superscript and a subscript, respectively. For example, N550, which has a structure
value of 84 cc.100 g−1 and a surface area value of 37 m2·g−1, is referred to as CB84

37. The
corresponding rubber compound produced using N550 is referred to by the same naming
convention. Table 2 shows the interferometric microscope (IFM) dispersion index (DI)
values of the final compounds measured according to ASTM D2663 (method D) [39].
Transmission electron microscopy (TEM) images of the tested carbon black samples are
provided in the Supplementary Materials.

Figure 1. Colloidal plot of tested carbon blacks, with commonly used carbon black grades for
reference (open circles).
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Table 1. Compound formulation.

Component Loading/Parts per Hundred Rubber (phr) Manufacturer of Component

NR—SMR CV-60 100 Herman Weber & Co.
Carbon Black 50 Birla Carbon

Zinc Oxide 5 Akrochem
Stearic Acid 3 PMC Biogenix

Anti-ozonant/Antioxidant 3 Americas International
Micro-wax 2 Strahl & Pitsch

Sulphur 2.5 R.E. Carroll
TBBS *-75 0.8 Akrochem

* N-Tertiarybutyl-2-benzothiazole sulfonamide, 75% assay.

Table 2. CB structure and surface area; CB naming convention adopted in this paper; compounds
and compound dispersion index.

Carbon Black/
Compound Code

Structure
(COAN)/

cc.(100 g)−1

Surface Area (STSA)/
m2·g−1

Carbon Black
Commercial Name

Corresponding Compound
Dispersion Index

Unfilled NR NA NA NA NA
CB132

117 132 117 BC2005 99.3
CB105

145 105 145 BC2115 98.8
CB121

79 121 79 BC2013 98.8
CB108

111 108 111 N234 99.4
CB73

76 73 76 N326 98.0
CB55

96 55 96 Raven 1200 90.2
CB62

161 62 161 Raven 2000 81.5
CB84

37 84 37 N550 98.7

Compounds were prepared by Birla Carbon (Marietta, GA, USA) using a 1.6 L capacity
Banbury mixer. Vulcanized sheets measuring 11 mm × 11 mm × ~2 mm were prepared
via compression molding at 150 ◦C for a time of T90 + 5 min where T90 (time at 150 ◦C
required for the specimen to reach 90% maximum torque) was measured using a moving
die rheometer (MDR) from Alpha Technologies located in Hudson, OH, USA. The mixing
procedure used to prepare the compounds is provided in the Supplementary Materials.

2.2. Shore A Hardness, Tensile to Break, and Cyclic Tensile Tests

Shore A hardness measurements were performed according to ASTM D2240 [40].
Dumbbells for uniaxial tensile testing were stamped from sheets of compound using a

hydraulic die press. The dumbbells had approximate gauge length, width and thickness
dimensions similar to ASTM D412 die C.

For uniaxial tensile testing to break, five dumbbell specimens were pulled until failure
using a five station United tensile tester with a 1 kN load cell. Strain was defined using
traveling contact extensometers; the extension rate was 500 mm/min (~strain rate of 0.19/s),
following ASTM D412 [41].

For cyclic tensile tests, five dumbbells were extended at 500 mm/min to an initial
target strain of 20% then retracted to 0% strain. The first cycle at this specified strain was
followed by two cycles to the same target strain of 20%. The same specimen was then
extended to a higher target strain of 50% for three cycles. This sequence was continued
sequentially to higher target strains of 100%, 200%, and 300%.

All tensile and hardness testing was performed at 21 ◦C ± 1 ◦C, 55% relative humidity,
and atmospheric pressure conditions.

2.3. Dynamic Strain Sweep Characterization

Dynamic strain sweeps between 0.1% and 62.5% single strain amplitude were per-
formed at 10 Hz with zero mean strain using an ARES G2 torsional rheometer from TA
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Instruments located in New Castle, DE, USA at 60 ◦C. Specimen geometries were cylin-
ders measuring 8 mm in diameter and with ~2 mm thickness, which were stamped from
sheets of vulcanized compound and bonded to the rheometer parallel plate geometry using
Loctite 480 adhesive by Henkel, Hemel Hempstead, UK. A slight compressive normal
force of 100 g was applied to the cylinders during the test procedure. We note that this
particular specimen geometry has a non-uniform strain field, varying with the radius of the
cylinder during deformation; the reported strain amplitude values are for the extremity of
the cylinder radius. The strain sweep test was performed by pre-conditioning the specimen
six times at the specified dynamic strain amplitude before collecting torque–time data. This
process was repeated from low to high strain amplitudes.

3. Results and Discussion
3.1. Compound Dispersion Index

Compound dispersion indices as determined by IFM are presented in Table 2. All
compounds except CB55

96 and CB62
161 had DI values > 98, indicating nearly full macro-

incorporation of the CB into the rubber. The compounds CB55
96 and CB62

161 contain the
lowest structure CBs in the colloidal experimental design and have comparatively high
surface area values. At a fixed surface area, lower structure CBs are notoriously more
difficult to disperse in rubber due to (i) the higher number of attractive contacts between
aggregates in pelletized CB prior to mixing on a unit volume basis and (ii) the resulting
lower mix viscosities versus medium-high structure CBs [42]. Despite the somewhat lower
DI values for CB55

96 and CB62
161, the compound dispersions are reasonable and well in line

with dispersion indices observed for commercially prepared rubber compounds.

3.2. Tensile Stress Strain and Shore A Hardness Measurements

Figure 2 shows the five stress–strain to failure data sets for each rubber compound.
From a visual examination of the data, it is clear that despite the CBs being at equivalent
loading/volume fraction in the compounds, the colloidal differences between the CBs
impart major differences to the observed stress–strain behavior. CBs with higher structure
impart higher secant moduli values in comparison to CBs with lower structure. Table 3
summarizes the modulus at 300% (reported as stress value at 300% elongation), percent
elongation at break, tensile strength, and Shore A hardness values of the CB-reinforced and
gum NR specimens.

Figure 2. Stress–strain to failure data for the various rubber compounds.
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Table 3. Summary of the hardness and tensile properties of the various rubber compounds.

Compound Code 300% Modulus
/MPa

Percent Elongation at
Break

Tensile Strength
/MPa

Shore A Hardness
/Shore A

Unfilled NR 2.23 598 14.6 41.6
CB132

117 19.89 402 26.6 74.8
CB105

145 14.58 530 27.7 70.8
CB121

79 21.76 389 27.1 74.6
CB108

111 16.69 491 27.3 71.5
CB73

76 12.77 536 27.2 66.7
CB55

96 8.33 620 28.0 63.7
CB62

161 7.82 679 30.8 64.4
CB84

37 15.38 461 23.1 66.1

For a quantitative analysis, multiple linear regression analyses of tensile properties to
CB colloidal properties were conducted (the NR gum compound data were not included in
the regressions). Multiple regressions were performed via error minimization in Origin 2019
per Equation (1), where Y is the dependent property being analyzed, C is an intercept con-
stant, βSt is the coefficient of the structure of CB and βSA is the coefficient of the surface area
of CB, and ε is the error term. The full regression results (intercept, coefficients, p values,
and regression R2) are provided in Table 4. Note that coefficients with p values > 0.05 are
highlighted in bold and are not statistically correlated to the observed parameter.

Table 4. Results of multiple linear regression analysis of tensile properties–CB colloidal properties.

Regression
Parameter

300% Modulus
/MPa

Tensile Strength
/MPa

Percent Elongation
at Break

Shore A
Hardness/Shore A

C 3.52 24.79 671.32 54.33
βSt 0.1657 −0.0232 −3.1103 0.1545

COAN p 3.47 × 10−5 0.1881 1.20 × 10−6 7.28 × 10−5

βSA −0.0404 0.0444 1.2572 0.0047
STSA p 0.0049 0.0091 1.91 × 10−5 0.6330

Adjusted R2 0.97 0.71 0.99 0.95

From the multiple regression results, it can be seen that the tensile modulus (here, the
example is 300% modulus) is strongly correlated with the structure of CB. The structure
coefficient is positive, indicating that increasing the structure of the CB increases the
resulting tensile modulus. By contrast, the CB surface area is less strongly correlated
(higher p value) and has only a slight negative correlation coefficient with tensile modulus,
meaning that increasing the surface area actually very slightly decreases the resulting
tensile modulus. The fact that CB structure is the key parameter controlling stress–strain
moduli is quite well known and is typically attributed to strain amplification/overstraining
of the rubber matrix through occlusion/screening of a certain volume of rubber by the CB
aggregate structure [7,8,37]. The effect by which increased surface area slightly reduces
modulus values has been tentatively attributed to increasing deactivation of the cure system,
for example, by the adsorption of accelerators on the surface of CB and consequent net
reduction in compound crosslink density [43].

In addition, tensile failure parameters are correlated to varying extents with CB
colloidal properties. Tensile strength increases with increasing CB surface area, likely
due to an increase in compound critical tear energy [44]. Structure and surface area have
opposing correlations with elongation at break. Higher structure CBs (which produce
higher modulus compounds) reach their work at fracture at lower strains, while increasing
CB surface area increases tensile strength and therefore increases elongation at break.

Shore A hardness is only correlated with structure, reflecting the predominant trend
for the tensile moduli.

Y = C + βSt(COAN) + βSA(STSA) + ε (1)
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3.3. Cyclic Tensile Tests

Figure 3 shows cyclic tensile data for the various rubber compounds. All compounds
display evidence of the classical Mullins strain history effect to varying extents. Following
initial strain cycles, the compounds display a pronounced softening effect upon subsequent
cycling. When the specimen is stretched to higher peak strains than the previous cycles,
the initial (virgin) stress–strain curve is recovered. Upon retraction, there are set effects
(residual extension remaining) as well as evident mechanical hysteresis between the loading
and unloading curves. As observed for the uniaxial tensile tests to break, CBs with higher
structure impart a higher initial modulus to the compounds. Compounds containing higher
structure CBs show a larger relative drop in stress–strain properties following the initial
strain cycles than those containing lower structure CBs. From an initial visual examination,
the role of CB particle size/surface area is not obvious.

Figure 3. Stress–strain data, showing cyclic tensile test effects of the various rubber compounds.

In order to quantify the magnitude of these softening effects as a function of strain and
cycle number, the mechanical hysteresis apparent between loading and unloading of the
compounds was calculated as the difference between the respective integrals. Figure 4A–C
show the mechanical hysteresis as a function of the first, second, and third strain cycles for
each peak tensile strain. As expected, the magnitude of hysteresis increases with increasing
tensile strain. The unfilled rubber shows the lowest levels of hysteresis, though nevertheless
appreciable. The CB reinforced compounds vary substantially in the levels of hysteresis
observed, with the ranking appearing to be predominantly dependent on CB structure. The
magnitude of hysteresis observed at a given peak strain reduces upon sequential strain
cycling, while the ranking of compounds remains consistent. The influence of the colloidal
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properties of CB on the magnitude and strain dependence of the mechanical hysteresis
was evaluated by performing multiple linear regression analyses of hysteresis values at
each peak strain level compared to the structure and surface area of the carbon blacks.
The full results of these regression analyses are provided in the Supplementary Materials.
Figure 4D shows the multiple regression coefficients of both the structure and surface area
of CB at each peak strain. Data points are solid where their regression p values are <0.05
and dashed when p values are >0.05. CB surface area is only correlated with hysteresis
at the lowest strain levels, whereas structure is strongly correlated across the entire strain
history range. This finding has a number of implications:

• At a practical level, the degree of mechanical hysteresis (and therefore softening)
of a rubber compound at a fixed strain level scales with the virgin modulus of the
compound at that strain. All other parameters being equal (such as CB volume fraction,
polymer type, and crosslink density), this modulus is determined by the structure of
the CB in the formulation [45].

• At a microstructural level, the strong correlation between hysteresis and CB structure
provides several hints as to the origin of the Mullins-type hysteresis and softening. It
suggests that the hysteretic energy dissipation at these large strains is isolated in the
rubber matrix and arises due to strain amplification/matrix overstrain, as opposed to
hysteretic polymer–particle surface slippage and/or hysteretic breakup of flocculated
aggregate clusters, which have been proposed in the literature. Note that strain
amplification as described by hydrodynamic-type equations is independent of CB
particle size/surface area, which is consistent with our observations [10–12]. In these
experiments, specimens have been cycled to specified strain levels. Harwood, Mullins,
and Payne [23] conducted highly relevant experiments where specimens were cycled
to specified stress levels. Under these conditions, the resulting mechanical hysteresis
values were found to be identical for a wide range of CB reinforced and gum NR
compounds. These findings are consistent with our results in the sense that they can
both be explained if we assume that energy dissipation occurring at these large strains
is isolated predominantly in the overstrained rubber matrix.

3.4. Dynamic Strain Sweeps

Figure 5 shows example stress–strain-time raw data at selected strain amplitudes
collected for the CB107

111 specimen. As can be seen, the stress–strain response of the material
is elliptical and the stress–time response shows sinusoidal behavior, even up to relatively
large strain amplitudes. This is both an unusual aspect of rubber rheology (as most
complex materials show non-sinusoidal distortions in their dynamic mechanical behavior
at moderate-large strains [46]) and a highly advantageous aspect, as it allows application
of linear viscoelasticity for analysis of commercially relevant materials at commercially
relevant deformation amplitudes [15,28,47,48].

Key linear viscoelastic parameters and interrelationships are provided by Equations
(2)–(6), assuming a strain-controlled experiment with application of a sinusoidal shear
strain amplitude γ0 at fixed frequency ω, eliciting a time dependent stress response, σ(t),
which can be decomposed into elastic and loss moduli (G′ and G′′, respectively). The
magnitude of the complex modulus |G∗|, loss tangent tan δ, and loss compliance J′′ values
can then be defined in terms of the elastic and loss moduli as follows:

γ(t) = γ0 sin(ωt) (2)

σ(t) = γ0
[
G′(ω) sin ωt + G′′(ω) cos ωt

]
(3)

|G∗| =
√

G′2 + G′′2 (4)

tan δ =
G′′

G′
(5)
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J ′′ =
G′′

G′2 + G′′2
=

G′′

|G∗|2
(6)

Figure 4. (A–C) Mechanical hysteresis after the first, second and third, strain cycles respectively
(note the difference in ordinate scale between the first, second, and third cycle data); (D) regression
coefficients of structure and surface area compared to mechanical hysteresis as measured on the first
strain cycle (data points with p values > 0.05 are excluded).

Plots of |G∗| versus strain amplitude for each compound in this study are presented in
Figure 6A. The strain dependence of the viscoelastic parameters of CB reinforced rubbers
versus unreinforced rubber is widely known as the Payne effect, and is ascribed to dynamic
breakdown and reformation of a particle network within the rubber compound. The
detailed physics and micro-mechanics of such networks of particles remain rather poorly
understood. The complex moduli data in Figure 6A exhibit several interesting features.
There are large variations in the magnitude and ranking of |G∗| at the smallest strain
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amplitudes, dependent on the colloidal properties of the CB. However, the ranking of
|G∗| magnitude changes substantially as the strain amplitude is increased, and data set
“crossover” effects are observed.

Figure 5. Stress–strain–time data for compound CB107
111 at selected strain amplitudes.
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Figure 6. (A) |G∗| versus strain amplitude; (B) multiple regression coefficients for structure and
surface area versus strain amplitude (points with p values > 0.05 are shown as dashes).

The influence of the colloidal properties of CB on the magnitude and strain dependence
of the complex moduli were evaluated by performing multiple linear regression analyses
of |G∗| values at each strain amplitude as compared to the structure and surface area
of the carbon blacks. The full results of these regression analyses are provided in the
Supplementary Materials. Figure 6B shows the multiple regression coefficients of both
the structure and surface area of CB at each strain amplitude. At low strain amplitudes
(0.1–2%), both the structure and surface area of CB are positively correlated with |G∗|
to similar extents. The magnitudes of the coefficients decrease with increasing strain
amplitude, and structure starts to dominate over surface area at higher strain amplitudes
on a relative basis. With increasing strain amplitude, the coefficient of surface area to |G∗|
reduces to zero, while structure plays an increasing and eventually dominating role in
defining |G∗|. In Figure 6B, coefficient data points are solid where their regression p values
are <0.05 and dashed when p values are >0.05; p values for both structure and surface area
are <0.05 at strain amplitudes <2%, indicating strong statistical correlation of both colloidal
properties to |G∗|. After ~2% strain amplitude, the p value of the surface area steadily
increases with increasing strain amplitude until it exceeds 0.05 at higher strains, indicating
no statistically significant correlation with |G∗|.

Therefore, with increasing strain amplitude there is a clear transition of the colloidal
properties of CB controlling |G∗|, and by extension, other viscoelastic parameters. At the
microstructural level this transition can be interpreted as the result of the strain-dependent
breakdown of rigid particle networks, with the degree of particle networking being gov-
erned by the number of aggregates per unit volume of rubber, which at fixed volume
fraction is roughly the cube power of the surface area. This continues until at higher strains
the primary stiffening mechanism becomes that of strain amplification alone, as defined
by solid and occluded rubber fractions, CB loading, and structure level. This observed
transition is consistent with the earlier observation that CB structure is strongly correlated
with the tensile stress–strain moduli, which are measured at larger strain ranges than in the
dynamic experiments.

At a practical level, this separability of surface area and structure effects on |G∗|
depending on the applied strain level allows for precise engineering of rubber compounds
with strain-dependent viscoelastic moduli via appropriate selection of CB surface area
and structure.
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In service, rubber components are deformed under conditions of either strain, stress,
strain energy control, or more commonly in complex combinations of several of these con-
ditions. This has enormous practical consequences for materials selection and component
design, particularly as relates to energy dissipation and fatigue life performance [49,50].
Under constant cyclic strain amplitude γ0, stress amplitude σ0, and strain energy density
amplitude W0, the energy dissipation density, Wd, can be derived from linear viscoelastic
parameters (see Supplementary Materials), yielding Equations (7)–(9), respectively:

Wd(γ0) = πγ2
0G′′ (7)

Wd(σ0) = πσ2
0 J′′ (8)

Wd(W0)
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The hysteresis performance of the rubber compounds under various deformation
controls can therefore be predicted by comparison of the appropriate viscoelastic parameter
at the equivalent deformation control condition (stress, strain, strain energy density).

For strain control, per Equation (7), compound hysteresis scales according to the loss
modulus. Figure 7A shows the loss moduli derived from the raw data of the strain sweep
experiments via Equations (2) and (3). The loss moduli data exhibit a pronounced strain
dependence, with a peak in magnitude at around 2% strain amplitude. The magnitude
of the G′′ values vary substantially depending on the exact colloidal properties of the CB.
Figure 7B shows the regression coefficients of surface area and structure for G′′ values
at each strain amplitude from multiple linear regression analyses; the full results of the
regression analyses are provided in the Supplementary Materials. As can be seen, both
the surface area and structure of CB are positively correlated with G′′, with surface area
having the larger contribution at lower strains and structure having the larger contribution
at high strains, similar to the observed correlations for the complex moduli. Therefore, in
order to minimize compound hysteresis in strain control, CB with low surface area and low
structure should be selected, with the resulting compound dynamic stiffness being reduced.
A particularly interesting data set in Figure 7A is CB62

161, which contains a CB having very
high surface area and very low structure. This compound has the highest G′′ value at low
to medium strains, owing to the significant stiffening effect of the surface area contribution,
and a mid-ranked G′′ value at high strains, where the more limited contribution of its
structure to G′′ dominates.

Figure 7. (A) G′′ plotted versus strain amplitude; (B) multiple regression coefficients for structure
and surface area plotted versus strain amplitude.
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Characterizations of rubber material viscoelasticity are typically performed in strain
control; however. it is possible to re-scale data collected in strain control to peak stress and
peak strain energy density values collected during testing in order to obtain insight into
the potential compound performance in other modes of deformation control. There are
two key differences between this re-scaling approach and the direct collection of stress and
strain energy density-controlled experimental data: (i) strain rate is controlled as opposed
to stress rate or energy rate; and (ii) deformation history (the sequence of application of
deformation cycles during the experiment) is strain controlled as opposed to stress or
energy controlled. These limitations should be borne in mind for the proceeding analysis;
the ideal situation is full experimental characterization of rubber compounds under each
mode of deformation control.

Figure 8A shows the peak oscillatory stress values measured at each strain amplitude
for each compound. Figure 8B shows the corresponding strain energy densities at each
strain amplitude for each compound, which are calculated by integration of the data sets
in Figure 8A. These data can be used to re-scale the relevant viscoelastic parameters in an
attempt to predict hysteresis performance for strain energy control and stress control from
data collected under strain control.

Figure 8. (A) Peak dynamic stress plotted versus strain amplitude; (B) peak dynamic strain energy
density plotted versus strain amplitude.

For the case of strain energy density control, the loss tangent is predictive of hysteresis
(Equation (9)). Figure 9A shows the loss tangent as a function of strain amplitude. The clas-
sical peak in loss tangent with increasing strain amplitude is observed for each compound.
Figure 9B shows the loss tangent re-plotted as a function of peak strain energy density, and
Figure 9C shows the coefficients for CB surface area and structure to tan δ as determined
by multiple linear regressions carried out on data sets interpolated from Figure 9B. The full
results of the regression analyses and examples of the interpolated tan δ–stress data sets are
provided in the Supplementary Materials. As can be seen from Figure 9C, only the surface
area of CB is statistically correlated with tan δ over the majority of the strain energy density
range. Therefore, in order to minimize hysteresis in strain energy density control, the CB
surface area should be minimized.

For the case of stress control, loss compliance is predictive of hysteresis (Equation (8).
Figure 10A shows loss compliance as a function of strain amplitude. Figure 10B shows
loss compliance re-plotted as a function of peak stress amplitude. The loss compliance
of the various compounds increases with increasing strain amplitude as the compound
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softens, and shows complex and stress-dependent material rankings over the range of peak
stress values observed. Figure 10C shows the coefficients for CB surface area and structure
as determined by multiple linear regressions carried out on data sets interpolated from
Figure 10B. The full results of the regression analyses and examples of the interpolated
J′′-stress data sets are provided in the Supplementary Materials. The regression results
show a complex relationship between CB colloidal properties and J′′.

Figure 9. (A) tan δ versus strain amplitude; (B) tan δ versus peak dynamic strain energy density;
(C) multiple regression coefficients for structure and surface area versus peak dynamic strain energy
density (points with p values > 0.05 are shown as dashes).
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Figure 10. (A) J′′ plotted versus strain amplitude; (B) J′′ plotted versus peak dynamic stress;
(C) multiple regression coefficients for structure and surface area plotted versus peak dynamic
stress (points with p values > 0.05 are shown as dashes).

At low stress levels (<0.1 MPa), both surface area and structure are negatively corre-
lated with J′′, implying that an increase in CB surface area and structure reduces J′′, and
therefore hysteresis as well. In this stress region, stiffer compounds experience less deflec-
tion, and the predicted hysteresis is therefore minimized. At larger stresses, the correlations
diverge. Structure remains negatively correlated with J′′ up to high strains, while surface
area reverses sign and becomes positively correlated with J′′. This complex dependence
of J′′ on CB colloidal properties can be rationalized by considering the definition of loss
compliance (see Equations (4) and (6)). In order to reduce compound hysteresis, J′′ must be
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minimized. Therefore, G′′ must be minimized and |G∗|maximized, which is a conflicting
requirement. In the low stress region, maximizing |G∗| requires selection of CB with high
structure and high surface area (Figure 6B). Although this would increase G′′, the |G∗| term
in Equation (6) is squared, and thus dominates J′′ values in this stress range. At higher
stresses, the contribution of surface area to |G∗| is diminished (see Figure 6B), while for
G′′ it remains appreciable (Figure 7B), leading to the change in sign of the surface area
coefficient. In this medium to high stress region, maximizing CB structure in order to
increase stiffness and minimize compound deflection while minimizing surface area to
suppress G′′ yields lower J′′, and therefore, hysteresis.

This nuanced result has implications for material selection tradeoffs when designing
rubber components. Should the component be operated entirely in stress control, knowl-
edge of the levels/distributions of applied stresses in the component is critical in order
to enable optimum selection of CB properties. Should the component operate in a mix of
stress, strain, and strain energy control, the contradictory requirements for optimizing hys-
teresis performance should be taken into account; finite element simulations of in-service
component deformations can guide this process.

4. Conclusions

The effects of CB structure and surface area on the static and dynamic mechanical
properties of rubber were studied; CB structure increases the stress–strain moduli due to
overstraining effects in the rubber matrix, while increased CB surface area slightly reduces
the observed moduli. The latter effect is proposed to be due to adsorption of accelerators
on the surface of CB, resulting in a net reduction in matrix crosslink density. Mechanical
hysteresis from cyclic tensile testing to fixed peak strain is predominantly controlled by CB
structure. At a fixed strain level, the mechanical hysteresis, and therefore the softening of the
rubber compound, scales with the compound’s virgin modulus at that strain. This suggests
that the hysteretic energy dissipation at these large strains occurs in the rubber matrix and
arises due to matrix overstrain effects rather than through rupture of flocculated particle
clusters or interfacial polymer slippage. This is broadly in line with the conclusions drawn
from cyclic experiments conducted to specified stress levels by Harwood, Mullins, and
Payne. Further cyclic tensile testing of the compounds in the current study for comparison
to controlled stress and controlled strain energy density levels would be highly informative
in this regard. Dynamic mechanical properties show classical strain amplitude dependence
(the Payne effect), which varies in magnitude according to the colloidal properties of CB.
At low to medium strain amplitudes (0.1–2%), both the structure and the surface area of
CB are positively correlated to |G∗| to similar extents. Beyond 2%, however, the effect of
surface area is reduced and structure plays an increasing and eventually dominant role in
defining |G∗|. This transition in colloidal correlations is further evidence that a transition
in stiffening mechanisms occurs with increasing strain amplitude. At low strains, the
viscoelastic moduli are controlled by the flexing of percolated particle–particle networks,
the formation of which is promoted by higher CB surface area. At higher strains, stiffening
appears to be described best by matrix overstraining/strain amplification effects, which
at iso-volume fractions are controlled by CB structure, and which map to correlations
observed in the monotonic tensile stress–strain data. Replotting of the dynamic data versus
peak stress and energy density allows an approximate assessment of the hysteresis response
of the rubber compounds under various modes of deformation control. These results are
summarized in Table 5, which presents proposed CB selection criteria for both dynamic
and static conditions under iso-strain, iso-stress, and iso-strain energy density control. The
table assumes a desire to minimize mechanical hysteresis; in practice, mechanical hysteresis
is typically not the sole performance parameter guiding material selection. The need to
achieve a specified compound tensile modulus (or hardness), tensile and tear strength,
abrasion resistance, or friction performance level introduces material selection conflicts
which run contrary to the trends shown in Table 5. Further forthcoming work on these
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materials will highlight these tradeoffs for this set of compounds, for example, in terms of
their respective failure properties.

Table 5. Summary of CB selection recommendations to minimize mechanical hysteresis based on
strain sweep and cyclic tensile tests.

Deformation Mode Dynamic Deformation
Conditions

Static Deformation
Conditions

Strain control • Reduce CB surface area
• Reduce CB structure

• Reduce CB structure

Stress control

• Low Stress Levels
• Increase CB surface area
• Increase CB structure
• Medium-Large Stress

Levels
• Reduce CB surface area
• Increase CB structure

• Per Harwood, Mullins,
and Payne, mechanical
hysteresis at large strains
under static
stress-controlled
conditions is
independent of CB
surface area and
structure, although
achieved elongations
will depend on CB
structure.

Strain energy control • Reduce CB surface area • Not determined in this
study.
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Abstract: Carbon nanotubes (CNTs) have attracted growing interest as a filler in rubber nanocom-
posites due to their mechanical and electrical properties. In this study, the mechanical properties
of a NR/BR/IR/SBR compound reinforced with single-wall carbon nanotubes (SWCNTs) were
investigated using atomic force microscopy (AFM), tensile tests, hardness tests, and a dynamical
mechanical analysis (DMA). The tested materials differed in SWCNT content (1.00–2.00 phr) and
were compared with a reference compound without the nanofiller. AFM was used to obtain the
topography and spectroscopic curves based on which local elasticity was characterized. The results
of the tensile and hardness tests showed a reinforcing effect of the SWCNTs. It was observed that an
addition of 2.00 phr of the SWCNTs resulted in increases in tensile strength by 9.5%, Young’s modulus
by 15.44%, and hardness by 11.18%, while the elongation at break decreased by 8.39% compared with
the reference compound. The results of the temperature and frequency sweep DMA showed higher
values of storage and loss moduli, as well as lower values of tangent of phase angle, with increasing
SWCNT content.

Keywords: nanocomposites; carbon nanotubes; mechanical properties; atomic force microscopy;
dynamical mechanical analysis

1. Introduction

Polymer nanocomposites have attracted research interest and have found a broad
field of application in recent years because of their enhanced material properties compared
with original polymers. The extent of improvement depends, generally, on a number of
parameters, including the type of nanofiller, particle size, aspect ratio, filler dispersion
status, and surface properties, which determine the interaction between the filler and the
polymer chain. Polymer carbon nanotube composites are objects of particular interest due
to the structural characteristics of carbon nanotubes (CNTs) and their large surface area
available for stress transmission, as well as their exceptionally high modulus of elasticity
and excellent electrical and thermal properties [1].

Carbon nanotubes are seamless cylinders formed by rolling sheets of graphene atoms
with open or closed ends. They can be divided into two main categories: single-wall
carbon nanotubes (SWCNTs), with a diameter in the nanometer scale, and multi-wall
carbon nanotubes (MWCNTs), consisting of several concentrically connected nanotubes
or nanotubes rolled in a spiral. The diameter of a MWCNT can reach more than 100 nm.
The length of CNTs can reach several micrometers or even millimeters. The structure of
rolled CNTs is given by a chiral vector. Based on their structure, CNTs can be divided
into the zigzag, chiral, and armchair types. The quality of CNTs relates to the fact that all
carbons are bound in a hexagonal lattice except their ends. Similar to graphene, CNTs are
chemically bound by sp2 bonds, which are extremely strong forms of molecular interaction.
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This property, combined with the natural tendency of carbon nanotubes to bond with
van der Waals forces, provides an opportunity to develop ultra-high-strength, low-weight
materials with high electrical and thermal conductivity. This makes them very attractive
for many applications [2–5]. In addition to their electrical properties, which they inherit
from graphene, CNTs also have unique thermal and mechanical properties. They have high
Young’s modulus (up to 1 TPa) and tensile strength (11–63 GPa). They are very light with
good thermal conductivity. As graphite, they have high chemical stability and are extremely
resistant to corrosion, unless they are simultaneously exposed to high temperatures and
oxygen [6].

Due to their properties, CNTs have been used as functional fillers in rubber compounds.
Rubber nanocomposites reinforced with CNTs have been investigated in order to achieve
required dynamic mechanical properties, gas resistance, flammability resistance, and
thermal and electrical conductivity [7–13]. Several studies [14–18] have reported increases
in tensile strength, elastic modulus, and hardness and decreases in the elongation at break of
natural rubber composites reinforced with CNTs. In addition to improving the mechanical
properties, the incorporation of conductive fillers into rubbers that are thermal and electrical
insulators can produce composites with certain electrical conductivities. The potential
applications of CNT-filled rubber composites vary from industrial applications such as
rubber hoses, tire components, and sensing devices to electrically conductive systems and
biomedical applications [19,20].

The final properties of CNT-reinforced elastomer nanocomposites mainly depend
on the CNT type, the rate of CNT dispersion and their orientation in the matrix, the
physical and chemical interactions of polymer chains with the CNTs, and the crosslinking
chemistry of the rubbers. Orientation effects are mainly due to their high aspect ratio. The
degree of alignment of nanotubes can be determined with X-ray diffraction and polarized
Raman spectroscopy. As presented in [21], rolling direction affects the final alignment
of the CNTs. If the composites are manufactured using extrusion or injection molding,
tuning of the alignment degree can be achieved by regulating the shear rate, as well
as the pressure applied. Other methods of alignment also include mechanical stretching,
filtration, plasma-enhanced chemical vapor deposition, electrospinning, force-field-induced
alignment, magnetic-field-induced alignment, liquid-crystalline-phase-induced alignment,
etc. [22].

Carbon nanotubes are difficult to process due to their low dispersibility and their
tendency to form aggregates [23], and in order to utilize CNT properties, several strate-
gies have been proposed to improve the compatibility between polymer matrices and
carbon nanotubes [24–27]. Acids and organic solvents are used to functionalize the carbon
nanotubes [28–30], and another alternative is ionic liquids [31–33].

This study focuses on testing and evaluating selected material properties of rubber
nanocomposites that differ in their contents of single-wall nanotubes and compares them
with a rubber compound with the same base material but without nanofillers. The rubber
compounds are examined using atomic force microscopy (AFM), hardness tests, tensile
tests, and a dynamical mechanical analysis (DMA) in order to determine the influence
of the CNT content on the mechanical properties. Microscopy is an essential tool for
understanding the morphology of rubber compounds, including the size, shape and dis-
tribution of filler phases and particles, as well as for determining the effects of fillers and
processing additives on the properties of rubber compounds. Atomic force microscopy
(AFM) is a versatile and powerful analytical tool for the development and research of
rubber materials. In [34–38], AFM was used to determine morphology, as well as for the
observation of the microdispersion of the fillers in rubber compounds. AFM can also be
used to characterize the local elasticity of rubber materials [39], to study the homogeneity of
rubber compounds [40,41], to study the aging of rubber composites [42], and to determine
the effects of fillers on the properties and qualities of compounds [42–44]. AFM force
spectroscopy presents much information regarding the surface and mechanical properties
of tested materials. Information on the elasticity and stiffness of individual macromolecules
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of the tested material can also be obtained from the measured curves. In [45,46], force
spectroscopy was used to test rubber compounds. A more detailed, state-of-art review of
advances in the use of AFM in polymer investigation was presented by Wang et al. in [47].
In the present study, AFM is used to observe the topography of the examined materials
and to evaluate their elastic properties based on the measured spectroscopic curves.

2. Materials and Methods
2.1. Materials

The rubber compounds examined in this study had the same polymer matrices, and
they differed in proportions of single-wall carbon nanotubes. These compounds were
labelled as CNT 1–CNT 5, and they were compared with a reference compound without
carbon nanofillers labelled as CNT 0. The composition of the base material is listed in
Table 1, and the contents of single-wall carbon nanotubes of the individual compounds can
be seen in Table 2. The used carbon nanotubes had a diameter of 2 nm, a length of 5–20 µm,
and a purity of 95%.

Table 1. Composition of the examined compounds.

Component Amount (phr)

natural rubber (NR) 40

butadiene rubber (CIS BR) 20

isoprene rubber (CIS IR) 10

styrene-butadiene rubber (SBR 1500) 30

carbon black filler (N 339) 30

reclaimed rubber 10

silica filler ULTRASIL 8

resin 2

antidegradant 3

antioxidant 2

vulcanization activator—STEARIN 2

distillate aromatic extract DAE 2

oxidized polyethylene wax (OPW) 2

vulcanization activator—ZnO 2.5

vulcanizing agent—insoluble sulphur 67% 3.3

sulfenamide vulcanization accelerator—CBS 1.1

Table 2. The contents of the single-wall carbon nanotubes in the compounds.

Compound label: CNT 0 CNT 1 CNT 2 CNT 3 CNT 4 CNT 5

Content of carbon
nanotubes (phr): 0.00 1.00 1.25 1.50 1.75 2.00

The production process of the CNT 1–CNT 5 compounds was divided into several
phases. The first phase involved the dispersion of the carbon nanotubes in a dispersant
(ethanol) and a distillate aromatic extract (DAE), as nanotubes have tendency to form
aggregates, which are difficult to process. This solution was heated to a temperature
just above the boiling point of the solvent (80 ◦C) and then sonified for 120 min, using a
mechanical ultrasonic sonifier with a probe capable of vibrating at appropriate ultrasonic
frequencies (30 kHz) in order to induce the efficient dispersion of the nanotubes. As a
part of the sonication, the dispersing agent also evaporated. The second phase involved
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dissolving the individual components of the rubber compound in an organic solvent
(ethanol) with the addition of oil (DAE), followed by mixing at the temperature of 80 ◦C
for 120 min until the components were mixed and part of the dispersant evaporated. Then
the preparation process was followed with the phase of mixing the rubber compound
with the carbon nanotube solution, which included a two-stage mixing process to mix
the prepared solutions thoroughly and to ensure the evaporation of the excess solvent.
Mixing was performed with a Farrel Technolab BR 1600 Banbury mixer. In the first stage,
rubber components, including oil, carbon black, silica, resin, antioxidants, antidegradants,
regenerates, stearin, wax, and nanotubes, were added in the oil solution. The temperature
of the chamber, rotors, and cap was 70 ◦C. The total mixing time was 360 s. The maximum
number of revolutions of the mixer was 55 rpm, and the maximum pressure was 196 kPa.
The highest temperature of the compound was 150 ◦C. Before the second mixing stage,
the compound was rolled for 30 min with a Servitec double roller in order to achieve
better dispersion of the fillers in the compound. In the second stage of mixing, in order to
vulcanize the compound, the remaining components were added: insoluble sulphur, zinc
oxide (ZnO), and CBS. The compound was mixed for 150 s at a maximum temperature of
105 ◦C. Subsequently, the compound was rolled again with a double roller to achieve the
required thickness of the compound for the preparation of test samples. The compound
was then allowed to cool and stabilize in an oven at ambient temperature for 5 days. Test
samples were prepared in accordance with the standards for individual tests of vulcanized,
semi-finished products by cutting.

2.2. Methods
2.2.1. Tensile Test

Tensile tests give an orientation view about rubber material properties. Tensile curves
are characteristic for rubber compounds. The following material characteristics were
evaluated using the tensile test results:

• Tensile strength: the maximum tensile stress recorded during the elongation of the
testing sample until the breaking moment;

• Elongation at break: tensile deformation of the sample working length in the break-
ing moment;

• Young’s modulus: defined as the initial slope of the stress–strain response.

Tensile tests were performed for the CNT 0–CNT 5 samples in accordance with the
ISO 37 standard, which specifies a method for determining the tensile deformation charac-
teristics of vulcanized and thermoplastic rubbers. Ten dumbbell-shaped samples of each
compound made in accordance with the ISO 23529 standard were tested. The working
length of the samples was 20 mm, and the loading speed was 100 mm/min.

2.2.2. Hardness Test

Hardness is the ability of a material to withstand compressive forces. It depends on
several factors, namely the Young’s modulus, the viscoelastic properties of the elastomer,
the thickness of the test sample, the geometry of the indenter, the applied pressure, the
rate of pressure increase, and the interval in which the hardness is recorded. Choosing
the appropriate hardness test method is important in order to obtain accurate and reliable
results. The most commonly used method for rubber compounds is the Shore A method,
which follows the ISO 7619-1 standard, according to which a test material with a thickness
of 6 mm is required.

Hardness measurements can be used to roughly estimate the Young’s modulus. The
best-known correlation of hardness values to Young’s modulus was introduced by A.N.
Gent [48] in 1958 and is given by the following equation:

E =
0.0981(56 + 7.62336S)
0.137505(254− 2.54S)

(MPa), (1)
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where E is Young’s modulus, and S is Shore A hardness in the range of 20–80 Shore A.
There are several other correlations, such as the equation postulated by Ruess [49,50]:

log10E = 0.0235S− 0.6403, (2)

where E (MPa) is Young’s modulus, and S is Shore A hardness. The correlation by Linde-
man [51] is another example:

E = 11.427S− 0.4445S2 + 0.0071S3 (psi), (3)

where E (psi) is Young’s modulus, and S is Shore A hardness.
In this study, the correlations mentioned above were used to estimate Young’s modulus,

and the estimated values were compered to results from the tensile tests.

2.2.3. Dynamical Mechanical Analysis

Rubber compounds are viscoelastic materials, and a dynamic mechanical analysis
(DMA) is often used to characterize their viscoelastic properties. In this study, a Pyris Dia-
mond DMA analyzer was used for the DMA of the CNT 0–CNT 5 rubber compounds. Sam-
ples were prepared in the form of a strip with measurements of 20 mm × 10 mm × 2.1 mm.
They were subjected to tensile loading in the temperature range of −80–100 ◦C using a
heating rate of 5 ◦C/min at a frequency of 1 Hz. A cryogenic nitrogen vessel was used
to achieve low temperatures. The samples were also subjected to frequencies of 0.01 Hz,
0.05 Hz, 0.2 Hz, 0.5 Hz, 1 Hz, 5 Hz, 10 Hz, 20 Hz, and 50 Hz at 20 ◦C. The frequency and
temperature dependencies of the storage modulus E′, the loss modulus E”, and the tangent
of the phase angle tan δ were evaluated.

2.2.4. Atomic Force Microscopy

Atomic force microscopy (AFM) is a nonoptical imaging technique that allows accu-
rate and nondestructive measurements of topographic, mechanical, electrical, magnetic,
chemical, and optical properties of a sample surface at very high resolutions. An AFM
microscope works on the principle of measuring the intermolecular force. It uses a can-
tilever with an attached, sharp, several-micrometers-long tip, which scans the surface of
the sample. Atomic forces between the tip and the sample surface result in the bending of
the cantilever. To detect any changes in the cantilever deflection, a laser beam is used. It is
directed at the end of the cantilever, from which it is reflected into a photodetector. Change
in the distance of the tip from the surface causes a change in the force and bending of the
cantilever and, thus, the direction of the reflection of the laser beam into the photodetector
changes. The deflection of the laser beam is recorded, and the resulting surface topography
is generated with further software processing [52].

In spectroscopic measurements, the deflection of the cantilever tip is recorded as a
function of the force and distance between the AFM probe and the sample. Due to the
different stiffnesses of the tested systems, the stiffness constant of the AFM probe must
be higher than the stiffness of the examined sample [37,53,54]. The spectroscopic curves
were sufficiently specific for each material; however, they could be divided into general
characteristic sections, as shown in Figure 1. The solid line shows the curves measured in a
vacuum. The dashed line is the variation of the curves measured in air with the presence of
layers of moisture and microscopic impurities.
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Figure 1. Schematic of force spectroscopic curve [55].

Between the A and B points, the tip and the sample are far apart, and there is no
deflection of the cantilever with the tip. At the B point, long-distance interactions, mainly
of Van der Waals and electrostatic origins, occur upon approach. At the C point, the tip
touches the surface of the sample. The shape of the curve is also influenced by the surface
moisture and impurities. The C–D section is characterized by further approach of the tip to
the sample while they are physically in contact, and it results in pressing the tip against
the sample surface and the deflection of the probe. At the D point, the sample surface is
punctured due to the maximum force that the sample surface is able to withstand. The D
point characterizes the end of the approach and the beginning of the departure of the tip
from the surface. According to the slope of the C–D section, the Young’s modulus of the
probe–surface system can be evaluated. If the probe is softer than the sample surface, the
slope of the curve mostly presents the modulus of the probe; otherwise, if the stiffness of
the probe is higher, the slope of the section allows the Young’s modulus of the sample to
be examined. If the C–D and D–E sections are not parallel, the time-reversible elastic or
plastic deformation of the sample can be evaluated. The probe deflection is neutral at the E
point. The probe moves away from the surface between the E and F points, and it begins to
tilt towards the sample due to attractive or adhesive forces. In a vacuum, Van der Waals
and electrostatic forces act on the tip, and in an air environment, the tip is also subjected to
capillary force from the moisture on the surface. The F point is a separation point at which
the maximum adhesive force acts between the tip and the surface of the sample, and it
gives information for adhesion evaluation. The number of the separation points depends
on the viscosity and thickness of the surface layers (moisture, impurities, and grease). The
probe separates from the surface at the G point after overcoming the adhesive force [53,55].

General approximation and Snedonn’s model [56,57] were used to evaluate the mea-
sured data and to calculate the ratios of the Young’s moduli. Snedonn’s model formulates
the dependence between Young’s modulus E and the load gradient dP/dh and is given by
the following equation:

dP
dh

=
2A1/2

π1/2 E
[

Nm−1
]
, (4)
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where A (m2) is the contact area, and E (Pa) is a combined modulus of the elasticity of the
probe and the examined surface, which is given by the following equation:

E =
{[(

1− ν2
m

)
/Em

]
+
[(

1− ν2
c

)
/Ec

]}−1
[Pa], (5)

where Em, Ec (Pa) are the Young’s moduli of the examined material and the cantilever,
respectively; νm, νc (-) are the Poisson ratios of the examined material and the cantilever,
respectively, h (m) is the indentation depth, and P (N) is the normal load. It can be assumed
that the Young’s modulus of the cantilever is much higher compared with that of the
examined material (Ec � Em). Therefore, Equation (5) can be simplified to Em = E, and the
following equations representing the moduli of two different samples E1 and E2 in (6) and
(7), respectively, and their ratio (8) can be derived:

dP1

dh1
=

2A1/2

π1/2 E1 ⇒ E1 =
dP1

dh1

π1/2

2A1/2 , (6)

dP2

dh2
=

2A1/2

π1/2 E2 ⇒ E2 =
dP2

dh2

π1/2

2A1/2 , (7)

E1

E2
=

dP1
dh1

π1/2

2A1/2

dP2
dh2

π1/2

2A1/2

⇒ E1

E2
=

dP1
dh1
dP2
dh2

. (8)

After a linear approximation (9) of the C–D section of the spectroscopic curve from
which the Young’s modulus can be determined in order to find the slope k, Equation (11),
which expresses the ratio of the Young’s moduli of the two samples, can be formulated:

y = kx + q, where k =
dP
dh

, (9)

dP1

dh1
= k1 and

dP2

dh2
= k2, (10)

⇒ E1

E2
=

k1

k2
→ E2 =

k2E1

k1
. (11)

3. Results
3.1. Tensile Test Results

In relation to the tensile test, each CNT 0–CNT5 compound was subjected to ten
measurements, and subsequently, the tensile strength, elongation at break, and Young’s
modulus were determined. The average values of these material properties are listed in
Table 3, and a graphical comparison of the examined rubber compound properties can be
seen in Figure 2.

Table 3. Tensile test results.

Compound Tensile Strength (MPa) Elongation at Break (%) Young’s Modulus (MPa)

CNT 0 16.29 ± 0.35 643.21 ± 13.21 3.03 ± 0.03
CNT 1 16.55 ± 0.27 625.33 ± 12.55 3.15 ± 0.02
CNT 2 16.71 ± 0.31 619.65 ± 14.25 3.27 ± 0.03
CNT 3 16.95 ± 0.39 618.24 ± 10.22 3.33 ± 0.04
CNT 4 17.43 ± 0.32 611.45 ± 11.45 3.42 ± 0.04
CNT 5 17.79 ± 0.41 589.25 ± 13.99 3.60 ± 0.04
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Figure 2. Tensile test results.

The tensile strength and Young´s modulus of the compounds with nanofillers in the
form of the carbon nanotubes (CNT 1–CNT 5) increased with increasing content in the
nanofiller. The tensile strength of the CNT 5 compound with the highest nanofiller content
(2.00 phr) was higher by 9.5% compared with CNT 0 (without nanofillers). The Young´s
modulus of CNT 5 was higher by 15.44% compared with CNT 0. The presence of SWCNTs
in the tested compounds caused reductions in the values of the elongation at break. The
elongation at break of CNT 5 decreased by 8.39% compared with CNT 0.

3.2. Hardenss Test Results

Approximately ten Shore A hardness measurements for each compound were per-
formed, and Young´s moduli were calculated using Equations (1)–(3). The results are listed
in Table 4, and dependence of Young’s modulus on hardness given by Equations (1)–(3) is
shown in Figure 3.

Table 4. Hardness test results and estimation of Young´s modulus using Equations (1)–(3).

Compound Shore A Hardness
Young’s Modulus (MPa)

Gent’s Equation Ruess’s Equation Lindeman’s Equation

CNT 0 50.44 ± 0.21 2.50 ± 0.35 3.51 ± 0.43 2.46 ± 0.36
CNT 1 52.21 ± 0.35 2.67± 0.43 3.86 ± 0.54 2.73 ± 0.45
CNT 2 53.45 ± 0.39 2.80 ± 0.49 4.13 ± 0.57 2.93 ± 0.50
CNT 3 54.35 ± 0.24 2.89 ± 0.37 4.33 ± 0. 45 3.09 ± 0.39
CNT 4 55.12 ± 0.29 2.98 ± 0.38 4.52 ± 0.47 3.23 ± 0.40
CNT 5 56.08 ± 0.32 3.09 ± 0.41 4.76 ± 0.52 3.41 ± 0.44
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The hardness of the compounds increased with increasing content in nanotubes. The
hardness of CNT 5 was higher by 11.18% compared with the CNT 0 compound without
the nanotubes.

3.3. Evaluation of Rubber Compounds Using Atomic Force Microscopy

An NT-206 atomic force microscope was used to evaluate the rubber compounds,
and along with the appropriate hardware and software, it allowed the analysis of the
topography and micromechanical properties of the solid surfaces up to a nanometer-level
resolution. The topography examples of the examined compounds are shown in Figure 4.
The spectroscopic curves were measured for ten different locations of each compound.
The C–D section of the spectroscopic curve (Figure 1) was approximated using a linear
function in order to evaluate the Young´s moduli of the individual compounds. The ratios
of the Young’s moduli of the compounds with nanotubes (CNT 1–CNT 5) to the compound
without carbon nanotubes (CNT 0) were determined. The examples of spectroscopic curves
for the CNT 0 and CNT 5 compounds are shown in Figure 5, and the slopes of the linear
functions approximating the C–D section of the spectroscopic curves are listed in Table 5.

Polymers 2022, 14, x FOR PEER REVIEW 9 of 17 
 

 

  
(a) (b) 

Figure 3. (a) Hardness test results and (b) estimation of Young’s modulus from Shore A hardness. 

The hardness of the compounds increased with increasing content in nanotubes. The 

hardness of CNT 5 was higher by 11.18% compared with the CNT 0 compound without 

the nanotubes.  

3.3. Evaluation of Rubber Compounds Using Atomic Force Microscopy 

An NT-206 atomic force microscope was used to evaluate the rubber compounds, 

and along with the appropriate hardware and software, it allowed the analysis of the to-

pography and micromechanical properties of the solid surfaces up to a nanometer-level 

resolution. The topography examples of the examined compounds are shown in Figure 4. 

The spectroscopic curves were measured for ten different locations of each compound. 

The C–D section of the spectroscopic curve (Figure 1) was approximated using a linear 
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Table 5. The slopes of the linear functions approximating the spectroscopic curves.

Measurement CNT 0 CNT 1 CNT 2 CNT 3 CNT 4 CNT 5

1 −1.7998 −1.8642 −1.9354 −1.9824 −2.0322 −2.1267
2 −1.7954 −1.8524 −1.9521 −1.9724 −2.0452 −2.1454
3 −1.7969 −1.8852 −1.9754 −1.9853 −2.0563 −2.1541
4 −1.7912 −1.8921 −1.9551 −1.9621 −2.0725 −2.1145
5 −1.7954 −1.8245 −1.9254 −1.9994 −2.0168 −2.1354
6 −1.7945 −1.8526 −1.9278 −1.9685 −2.0698 −2.1078
7 −1.7997 −1.8354 −1.9245 −1.9824 −2.0597 −2.1298
8 −1.7921 −1.8759 −1.9154 −1.9974 −2.0125 −2.1758
9 −1.7991 −1.8875 −1.9285 −1.9899 −2.0137 −2.1267

10 −1.7991 −1.8522 −1.9354 −1.9678 −2.0045 −2.1045
Avarage value of

slope kCNT i
−1.7963 ± 0.0010 −1.8622 ± 0.0072 −1.9375 ± 0.0057 −1.9808 ± 0.0040 −2.0383 ± 0.0081 −2.1321 ± 0.0069

Based on Equation (11), the values of the Young’s moduli of the CNT 1–CNT 5 nanocom-
posites were determined with respect to the CNT 0 reference compound without carbon
nanotubes, and they are listed in Table 6. These ratios were calculated using the average
slope values (Table 5).

Table 6. Young’s modulus ratios of compounds CNT 1–CNT 5 with respect to CNT 0.

Rubber Compound
Young’s Modulus Ratios

ECNT i =
kCNT i ECNT0

kCNT 0

CNT 1 ECNT1 = 1.037ECNT0
CNT 2 ECNT2 = 1.079ECNT0
CNT 3 ECNT3 = 1.103ECNT0
CNT 4 ECNT4 = 1.135ECNT0
CNT 5 ECNT5 = 1.187ECNT0

The slope values of the spectroscopic curves of the individual compounds obtained
from the linear approximation of the C–D section differed slightly, which indicated a slight
inhomogeneity. By comparing the average values of the slopes, it can be stated that the CNT
5 compound had the highest value for the Young’s modulus, and the CNT 0 compound
had the lowest value of the modulus.

3.4. Dynamical Mechanical Analysis Results

The DMA was performed, during which the samples were subjected to a tensile
loading in the temperature range of −80–100 ◦C and to the frequencies of 0.01 Hz, 0.05 Hz,
0.2 Hz, 0.5 Hz, 1 Hz, 5 Hz, 10 Hz, 20 Hz, and 50 Hz. The temperature dependencies of E′,
E”, and tan δ at a frequency of 1 Hz for the CNT 0–CNT 5 rubber compounds can be seen
in Figures 6 and 7. The frequency dependencies of E′, E”, and tan δ at the temperature of
20 ◦C are shown in Figure 8.

The dependence of the elastic portion of the complex elasticity modulus on temper-
ature (−80–100 ◦C) at a frequency of 1 Hz is shown in Figure 6. The storage modulus E′

of the tested rubber compounds increased with increasing CNT proportion. The storage
modulus reflects the elastic properties of the tested materials and the renewable energy in
the deformed samples. At a low temperature, the modulus E′ had a relatively high value
that was attributed to the inert semicrystalline structure, and as the mobility of the polymer
chains increased with temperature, the elastic modulus decreased.
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The dependence of the viscous portion of the complex elasticity modulus on temper-
ature (−80–100 ◦C) at a frequency of 1 Hz can be seen in Figure 7a. The loss modulus
E′′ corresponds to the viscous properties of a viscoelastic material and is a measure of a
material’s ability to dissipate energy in the form of heat due to viscous movements in the
material. The values of the loss modulus were significantly lower than the values of the
storage modulus, with elastic properties predominant in the compounds. The loss modulus
increased slightly with the increasing CNT content in the tested compounds.
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Figure 7b shows the dependence of the tangent of phase angle tan δ on temperature at
a frequency of 1 Hz and a temperature range of −80–100 ◦C. The tan δ is determined from
the ratio of the loss modulus to the storage modulus and represents the ratio of dissipated,
lost energy to the energy stored during the deformation cycle. The tan δ characterized
the damping material properties, which decreased with the increased CNT content and
could be attributed to CNT stiffness. The glass transition temperature Tg determined from
the peak of the temperature dependency of tan δ was around −50 ◦C, and there was not
noticeable change in the Tg after addition of nanotubes.

The dependencies of the storage modulus E′, the loss modulus E′′ and the tan δ on the
frequency at 20 ◦C can be seen in Figure 8. The storage modulus E′, the loss modulus E′′,
and the tan δ showed increasing tendency for all the compounds within the investigated
frequency interval. With further increase in the frequency, increases in the storage moduli
and decreases in the loss moduli and tan δ past their peaks were expected due to the
viscoelastic nature of rubber compounds. The CNT 5 nanocomposite with the highest
SWCNT content showed higher E′ and E′′ values and lower values of tan δ compared with
CNT 0.

4. Discussion

The tensile test results showed a reinforcing effect of the single-wall carbon nanotube
filler. As can be seen in Table 3 and Figure 2, the tensile strength and Young’s modulus
values increased with the increasing SWCNT content, and the elongation at break values
decreased. The same trends were observed in [16–20]. The increase in the tensile strength
and the Young’s modulus could be attributed to good dispersion and interatomic interaction
between the rubber matrix and the nanofiller, as the CNTs (with their high aspect ratio)
could improve the crosslinking of the compound [58]. The strengthening effect of CNTs was
also reflected in the hardness of the tested compounds, and resistance to the penetration of
foreign objects into the material increased. Hardness can also be used to roughly estimate
Young’s modulus with a suitable correlation model. The estimation of Young’s modulus
based on Shore A hardness measurements (calculated using Equations (1)–(3)) and its
comparison to the tensile test results can be seen in Figure 9. In comparison to the tensile
tests results, the closest estimation of Young’s modulus was calculated using Lindeman’s
Equation (3). However, such calculation of Young’s modulus provides just approximate
values and more measurements are needed to determine the most appropriate correlation
model for this type of nanocomposite. The advantages of Young’s modulus estimation from
hardness measurements are that it is quick and inexpensive, and it can find application, for
example, in the testing of material properties during a production process [59].
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AFM spectroscopic curves can be a good tool for monitoring the Young’s moduli of
various materials, as they provide opportunities to compare materials in terms of their
stiffness and elastic behavior. If the value of the Young’s modulus of the reference material
is known, it allows the calculation of values of the moduli of other materials. Based on the
results of force spectroscopy, the Young’s modulus values of the CNT 1–CNT 5 nanocom-
posites were calculated using Equation (11), as well as the reference value of the Young’s
modulus (ECNT 0 = 3.032 MPa) from the tensile test. The results obtained from the AFM and
spectroscopic curves were comparable to the results obtained from the static tensile test and
are summarized in Table 7 and graphically represented in Figure 10. Force spectroscopy
also allows the comparison of the slope of a spectroscopic curve and the local moduli
within one sample in order to determine the properties of selected material phases and to
evaluate its homogeneity. With the results summarized in the table, it is possible to observe
a larger variance of local values compared with the reference sample. This could be caused
by the presence of CNTs in the polymer matrix, as number of studies have suggested
that the interaction of a polymer matrix with CNTs results in an interfacial region with
properties and a morphology different than the bulk [60,61]. Using AFM, the significant
agglomerates of the CNTs were not detected. However, for a thorough characterization of
the dispersion, further research is needed using an AFM microscope with better resolution
or with different methods, such as scanning electron microscopy [62] or transmission elec-
tron microscopy [63]. These might be useful for determining the efficiency of the mixing
process, as well as for potentially further improving the material characteristics of the
tested materials.

Table 7. Comparison of Young’s modulus obtained from tensile tests and AFM force spectroscopy.

Compound Young’s Modulus (MPa)
AFM Tensile Test

CNT 1 3.144 3.151
CNT 2 3.272 3.265
CNT 3 3.344 3.325
CNT 4 3.441 3.421
CNT 5 3.599 3.595
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Figure 10. Comparison of Young’s modulus obtained from tensile test and force spectroscopy.

The viscoelastic properties of a rubber composite depend on the interactions of its
components, the crystalline behavior, and the extent of crosslinking between the polymer
chains and the filler. These properties improve with the addition of suitable fillers [58].
A temperature and frequency sweep DMA was performed to investigate the viscoelastic
properties of the tested nanocomposites. The values of the storage modulus and the loss
modulus increased, and the tangent of phase angle decreased with the increasing content in
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SWCNTs. Similar trends have been observed in [30,64–66], where different types of rubber
nanocomposites filled with SWCNTs have been investigated. Dynamic stiffness improved
with the addition of SWCNT nanofiller.

5. Conclusions

In recent years, rubber nanocomposites reinforced with a low-volume fraction of
carbon-based nanofillers have attracted research interest due to their properties. The
incorporation of nanofillers into various elastomers has been found to improve their overall
mechanical properties. The properties of rubber nanocomposites depend significantly on
the structure of the polymer matrices, the nature of the nanofillers, and the technological
processes used for their preparation. A uniform dispersion of a nanofiller in a rubber matrix
is a general prerequisite for achieving the desired material characteristics.

In the present study, the influence of single-wall CNTs on the mechanical properties of
a NR/BR/IR/SBR compound were investigated. Five compounds that differed in SWCNT
content (1.00–2.00 phr) and one without CNTs were tested and compared mutually. It was
observed that the tensile strength, the Young’s modulus, and the hardness increased with
increasing SWCNT content, while the elongation at break decreased. A comparison of the
DMA results for the compounds showed an increase in the loss modulus and the storage
modulus and a decrease in the tangent of phase angle values with increasing CNT content.
The addition of a small amount of well-dispersed nanotubes in the rubber compound
improved its mechanical properties. AFM force spectroscopy combined with Snedonn’s
model was used to evaluate the local elasticity of the samples, and the results showed
good agreement with the tensile test results. AFM force spectroscopy was a useful tool
for obtaining information about the elasticity and stiffness of individual phases of the
tested material.
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Abstract: The rheometer curing curves of neat natural rubber (NR) and neat chloroprene rubber
(CR) with maleide F (MF) exhibit considerable crosslinking torque at 180 ◦C. This indicates that MF
can crosslink both these rubbers via Alder-ene reactions. Based on this knowledge, MF has been
introduced as a co-crosslinking agent for a 50/50 blend of NR and CR in conjunction with accelerated
sulfur. The delta (∆) torque obtained from the curing curves of a blend with the addition of 1 phr MF
was around 62% higher than those without MF. As the content of MF increased to 3 phr, the ∆ torque
was further raised to 236%. Moreover, the mechanical properties, particularly the tensile strength of
the blend with the addition of 1 phr MF in conjunction with the accelerated sulfur, was around 201%
higher than the blend without MF. The overall tensile properties of the blends cured with MF were
almost retained even after ageing the samples at 70 ◦C for 72 h. This significant improvement in the
curing torque and the tensile properties of the blends indicates that MF can co-crosslink between NR
and CR via the Diels–Alder reaction.

Keywords: rubber; curing; bismaleimide; tensile strength; Diels–Alder reaction

1. Introduction

It is well-known that natural rubber (NR) is a polymer of isoprene (2-methyl-1,
3-butadiene) and chloroprene rubber (CR) is a polymer of 2-chloro-1, 3-butadiene. There-
fore, the main structural difference between NR and CR is that a methyl group in NR is
substituted by a chlorine atom in CR. Because of the presence of this electronegative chlo-
rine atom, CR has many unique properties such as improved heat, oil, ozone, and chemical
resistance. Moreover, it has better resilience and weather resistance compared to NR [1,2].
It has been reported in the literature that commercial-grade polychloroprene comprises
four isomeric forms such as trans-1, 4-polychloroprene (80–90%), cis-1, 4-polychloroprene
(5–15%), 1, 2-polychloroprene (1–2%), and 3, 4-polychloroprene (3–4%) [3–8]. Out of these
four isomeric forms, the 1, 2-isomer has been identified as the major isomer responsible for
the curing process because of its ability to undergo the allylic rearrangement of the tertiary
chlorine atom [9–11]. The rearrangement of the 1, 2-isomer can occur on the heating of the
neat polychloroprene. However, the rearrangement occurs much faster in the presence of
zinc oxide (ZnO) [12]. It is well known that ZnO or ethylene thiourea (ETU) are used as
the main crosslinking agents for CR either separately or in combination [13,14]. Several
mechanisms have been reported in the literature concerning the curing of CR with ZnO or
ETU [13–15]. The mechanism proposed by Vukov based on the theory of Kuntz et al. using
model compounds is considered as the most appropriate mechanism for the crosslinking
of CR with ZnO [16,17]. Apart from ZnO or ETU, other chemicals such as, tribasic lead
sulphate; thiophosphoryl disulfides; dimethyl L-cystine; and cetyltrimethylammonium
maleate (CTMAM) have also been used as curing agents for CR [18–21]. Recently, Dziemid-
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kiewicz et al. have used certain metal acetylacetonate as pro-ecological crosslinking agents
for CR based on the Heck coupling reaction [22].

Unlike CR, the electropositive methyl group adjacent to the double-bonded carbon
atom in NR enhances the activity of the unsaturated double bonds in the backbone of the
polymer chains. As a result, NR has inferior weather, ozone, and oil resistance. Moreover,
the high-temperature performance of NR is also limited because of its degradation above
70 ◦C. However, due to the active double bond, NR can be cured with accelerated sulfur
systems. Based on the accelerator to sulfur ratio, accelerated sulfur curing systems are clas-
sified as conventional vulcanization (CV), efficient vulcanization (EV), and semi-efficient
vulcanization (SEV). Generally, the CV system is characterized by a high dosage of sulfur
(2–3.5 phr) and a low dosage of accelerators (0.4–1.2 phr) [1,2]. Even gum NR cured with
a CV system can exhibit a tensile strength (TS) of around 20 to 25 MPa due to its unique
strain-induced crystallization behaviour [23–25]. Blending between NR and CR can exploit
certain unique properties of these individual rubbers. However, the structural disparity
due to the electropositive methyl group in NR and the electronegative chlorine atom in CR
makes the blending of NR and CR and the subsequent co-curing of the resultant blends
very difficult. Therefore, a chemical that can co-cure both the NR and CR chains is essential
for developing a compatible blend of NR/CR.

The rheometer is one of the key pieces of characterization equipment in the rubber
industry and is used to check the feasibility of a new chemical as a curing agent in rubber
compounds. Generally, the rheometer analysis gives a clear spectrum concerning the
processing behaviors, such as the viscosity, scorch time, and optimum cure time of rubber
compounds. Based on this knowledge, the compounder can select specific ingredients
and determine the dosage of each ingredient needed to meet the required target. More-
over, with rheometer cure data, rubber scientists can quickly arrive at certain predictions
concerning the crosslinking mechanisms based on the available theory. This may help
the scientist establish the actual chemical reaction mechanisms involved in the curing
process at the molecular level using advanced characterization techniques such as differen-
tial scanning calorimetry (DSC), nuclear magnetic resonance (HNMR), and infrared (IR)
spectrometry, etc. From our previous experimental investigation, it has been observed
that bismaleimide can react with halogenated rubbers during curing [26–29], and can
also interact with NR/CV and butadiene rubber (BR)/CV systems via Diels–Alder and
Alder-ene reactions [30–32]. Sadao Inoue filed a patent based on a chloroprene rubber and
bismaleimide/ZnO composition for the development of vulcanizate with a high degree of
crosslink density [33].

In the present investigation, we explored the curing behavior of a 50/50 blend of
NR/CR with different contents of MF using a rheometer. The swelling behavior and
mechanical properties of the vulcanizate derived from these blends were also evaluated.
To the best of our knowledge, no reports are available in the literature concerning the
curing behavior of an NR/CR blend with MF.

2. Materials

Natural rubber (standard Vietnamese rubber with a Mooney viscosity ML (1 + 4)
at 100 ◦C: 60 ± 5) supplied by Binh Phuoc, Vietnam under the trade name SVR CV60
and chloroprene rubber (Neoprene 9243P, DuPont elastomer with a Mooney viscosity ML
(1 + 4) at 100 ◦C: 87) were used as the base elastomers. Maleide F (MF) is a combination
of 75% N, N’-meta phenylene dimaleimide and a 25% blending agent was procured from
Krata Pigment, Tambov, Mentazhnikov, Russia. The chemical structure of MF is shown
in Figure 1. Other ingredients such as sulfur; n-cyclohexyl-2-benzothiazole sulfenamide
(CBS); stearic acid; zinc oxide (ZnO); and magnesium oxide (MgO) were purchased from
Sigma-Aldrich, Czech Republic.
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Figure 1. Chemical structure of N, N’-meta phenylene dimaleimide (Maleide F).

2.1. Preparation of Rubber Compounds

The formulation of the mixes with designations are displayed in Table 1. All the
compounds were prepared using an internal mixer (Brabender Plastograph, GmbH &
Co, KG, Duisburg, Germany) with a chamber volume of 50 cc. A fill factor of 0.8 was
taken for the efficient mixing of the ingredients. To prepare the CR-based compound, the
neat CR was masticated at 50 ◦C under 50 rpm for 2 min. To this, the ZnO, MgO, stearic
acid, and MF were added, and the mixing was continued under the same rotor speed
and temperature for another 2 min. After the mixing, the compound was discharged and
homogenized using a two-roll mill. To prepare the blend-based compounds, the individual
rubbers were masticated separately for 2 min under the same processing conditions. The
pre-masticated rubbers were mixed for 1 min. To this, the ZnO, MgO, stearic acid, and MF
were added, and the mixing was continued for 2 more minutes. Finally, the sulfur and CBS
were added and mixed for an additional minute. After the mixing, the compound was
discharged and homogenized using a two-roll mill. It was then molded into sheets with
a thickness of 2 mm by applying a constant force of 200 N using a compression molding
heat press LaBEcon 300 (Fontijne Presses, Delft, Netherlands) for the respective cure time
obtained from the rheometer cure data at 180 ◦C.

Table 1. Formulation of the mixes.

Ingredients
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2.2. Characterization
2.2.1. Cure Characteristics

Maximum torque: MH, minimum torque: ML, the difference between maximum
and minimum torque: ∆M, scorch time: TS2, optimum cure time: T90 (the time required
for the torque to reach 90% of the maximum torque) of the rubber compounds were
determined from the cure curves from a moving die rheometer (MDR-3000, MonTech,
Buchen, Germany) at 180 ◦C as per ASTM D 5289. The cure rate index (CRI), a measure of
the rate of curing, was calculated using Equation (1).

CRI = 100/(T90-S2). (1)

2.2.2. Swelling Behavior

Samples with a diameter of 20 mm and a thickness of 2 mm with an initial weight
(Wi) were swelled in toluene at room temperature until they reached an equilibrium state
of swelling. The swelled samples were then taken out and wiped off the adhered toluene
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from the surface using a filter paper, and the weights (Ws) were immediately recorded. The
swollen samples were dried at room temperature (20 ◦C) for 24 h, and ensured that the
absorbed toluene is completely expelled out. Then, we measured the dried weight of the
samples (Wd). From the values of Wi, Ws, and Wd the percentage swelling and the swell
ratio were calculated using Equations (2) and (3), respectively [34,35].

Swelling (%) =
Ws −Wi

WS
× 100 (2)

Swell ratio(Q) =
Ws

Wd
− 1 (3)

2.2.3. Mechanical (Tensile) Properties

The stress–strain behavior and the corresponding tensile properties of the vulcanizates
were measured using a universal testing machine (Testometric M350, Testometric Company,
Ltd. Rochdale, UK). The testing was performed under ambient conditions at a crosshead
speed of 500 mm/min as per ISO 37 using S2 type specimen with a thickness of 2 mm. The
results were reported at an average of six tested specimens. The properties of the cured
samples were also measured after ageing at 70 ◦C and 100 ◦C for 72 h using a forced air
circulating oven.

2.2.4. Hardness Testing

Cured samples having smooth surfaces were used to measure the indentation hardness
using a Shore-A hardness tester (Bareiss Durometer, Oberdischingen, Germany) as per
ASTM D 2240. Indentations were made on different areas of the samples by applying
constant pressure for 15 s. Six readings were taken from different areas of the sample and
we reported the average value.

3. Results and Discussion
3.1. Curing Behavior of Neat CR with ZnO and MF

Represented in Figure 2 are the curing curves of neat CR with ZnO, MF, and a com-
bination of ZnO/MF at 180 ◦C for 1 h. Their cure characteristics are depicted in Table 2.
The cure curve of CR/ZnO (M-1) exhibits a fast curing reaction, as evident from the short
ts2 value (0.65 min). However, after a rapid initial curing reaction, the cure curve turned
into a marching modulus behavior and ended up with a maximum torque of 5.80 dNm
at the given curing time. As a result, the t90 (40.2 min) value was higher than expected.
Several mechanisms have been proposed in the literature to explain the curing behavior of
CR with ZnO. Out those, a cationic mechanism proposed by Vukov is widely accepted [21].
As per this mechanism, the 1, 2-isomer of CR undergoes a rearrangement (isomerization)
upon heating above 160 ◦C. The rearranged 1, 2-isomer then produces a conjugated diene
in the presence of ZnO. The rearranged 1, 2-isomer and the in situ-formed diene catalyzed
by ZnCl2 produce the crosslinks.

The cure curve of M-1 shows a relatively low ∆M (4.42 dNm) value, indicating that the
extent of curing of CR with ZnO is not high enough. On the other hand, the curing of CR
with MF alone (M-2) progressed at a slow pace and exhibited a marching modulus curing
right from the beginning until the end of the given curing time. As a result, the ts1 (2.43 min)
and ts2 (4.42 min) values were higher compared to M-1. Though the curing curves of M-1
and M-2 exhibited a marching modulus curing behavior, the extent of vulcanization was
greatly increased in M-2 as the cure time progressed. For instance, the ∆M (extent of
vulcanization) after 30 min of curing in M-1 was 3.70 dNm. At the same time, the ∆M in
M-2 after 30 min of curing was around 114% higher than M-1. This dramatic improvement
in ∆M indicates that MF alone can substantially crosslink the CR chains. Since there are
no other ingredients in the system other than CR and MF, one the plausible crosslinking
reactions might be the Alder-ene reaction between the rearranged 1,2-isomer of CR and
MF, as depicted in Figure 3.
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Figure 2. Cure curves of the mixes M-1, M-2, and M-3.

Table 2. Rheometer cure data of the mixes at 180 ◦C, 1 h.

Mix Code ML(dNm) MH (dNm) ∆M (dNm) TS1 (min) TS2 (min) T90 (min) Cure Rate Index (min−1)

M-1 1.38 5.80 4.42 0.65 0.65 40.23 2.52
M-2 0.74 10.69 9.95 2.43 4.52 41.58 2.69
M-3 1.07 9.97 8.90 0.53 0.70 20.63 4.99
M-4 0.70 3.09 2.39 1.65 3.86 4.62 131.57
M-5 0.55 4.43 3.88 1.55 2.54 5.55 33.22
M-6 0.66 8.70 8.04 1.34 2.30 12.44 9.86
M-7 0.49 9.80 9.31 1.51 2.38 18.36 6.25

It was interesting to note that the curing of CR with a combination of ZnO and
MF (M-3) exhibits an initial rapid reaction (ts2: 0.60 min) with a plateau-type curing
behavior. As a result, the t90 value of M-3 (20.63 min) was much lower compared to M-1
(t90: 40.23 min) and M-2 (t90: 41.58 min). Moreover, the extent of curing was also higher
compared to M-1 and M-2. For instance, the ∆M generated after 10 min of curing in
M-3 was around 152% higher than M-1 and 70% higher than M-2 under the same curing
conditions. It has been reported that the 1, 2-isomer of CR undergoes a rearrangement
and subsequently produces a conjugated diene in the presence of ZnO [12]. Therefore, it is
reasonable to believe that one of the reasons behind the synergistic curing behavior in M-3
might be the Diels–Alder reaction between the in situ-formed diene and the maleimide
moieties of MF, as shown in Figure 4a.

3.2. Curing Behavior of NR/CR Blend in the Presence of MF in Conjunction with Accelerated Sulfur

Represented in Figure 5 are the cure curves of NR/CR blends corresponding to the
mixes 4–7 at 180 ◦C for 1 hr. The cure curve of the blend without MF (M-4) exhibits a scorch
time of 3.86 min with a ∆M value of 2.39 dNm. The addition of 1 phr MF reduces the scorch
time of M-4 from 3.86 min to 2.54 min and improves the ∆M value by 62%. Similarly, the
addition of 3 phr MF improves the ∆M value of M-4 by 236%, which further rose to 289%
with the addition of 5 phr MF. Here, it is interesting to note that although there are not
many differences in the scorch time between M-4 and the rest of the mixes, the addition
of MF gradually increases the optimum cure time as the content of MF increases. For
instance, the t90 of M-4 was 4.62 min, which became 12.44 min after the addition of 3 phr
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MF and 18.36 min with the addition of 5 phr MF. This might be due to the slightly marching
modulus curing behavior of the mixes containing MF. From this study, it has been observed
that CR undergoes a synergistic curing behavior in the presence of a combination of ZnO
and MF. One of the reasons for this was suspected to be the Diels–Alder reaction between
the in situ-formed diene from the isomerized CR and the malemide moieties of MF as
shown in Figure 4a. From our previous experimental investigation, it has been identified
that MF can act as an anti-reversion agent during the curing of NR and BR with a CV
system [30–32]. One of the plausible mechanisms proposed to explain the anti-reversion
ability of MF was also the Diels–Alder reaction between the in situ formed diene from the
NR/CV system and the maleimide moieties of MF. Based on these experimental inferences,
it is reasonable to believe that the three types of reactions given in Figure 4a–c might be
possible during the curing of mixes 4–7. The occurrence of any of these three reactions can
improve the overall crosslink density of the blend system. However, the co-curing reaction
given in Figure 4c is essential for enhancing the compatibility between NR and CR.

Figure 3. Plausible reaction mechanism for the curing behavior of CR with MF.

3.3. Swelling Behavior

It is well known that the crosslinked rubbers with a tight network structure gener-
ally show high swelling resistance. The percentage swelling and the swell ratio as per
Equations (2) and (3) were calculated for the blends (M-4 to M-7), and the results are given
in Table 3.

For comparative purposes, the swell ratio of M-1, M-2, and M-3 were also given. The
blend with no MF (M-4) exhibits a solvent uptake of around 551%, corresponding to a swell
ratio of 6.5. As the content of MF increased, the percentage swelling gradually decreased.
This means that a higher concentration of MF produces more crosslinked points between
the polymer chains as per the reactions proposed in Figure 4, thereby enhancing the extent
of crosslinking and the network density. The ∆M values obtained from the rheometer cure
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data were also in line with this swelling behavior. However, the rheometer data and the
swelling behavior do not give a clear indication of which reaction represented in Figure 4
is predominant during the curing of blends containing MF.

Figure 4. Plausible reactions in NR/CR blend during curing with MF in conjunction with the
accelerated sulfur system.

Figure 5. Cure curves of the mixes M-4, M-5, M-6, and M-7.

3.4. Mechanical Properties of the Blends

To understand the crosslinking effects of MF on the mechanical properties, the tensile
strength (TS), the elongation at break (EB), the modulus at a different percentages of
elongation, and the hardness of the cured blends were evaluated with different contents of
MF, and the results are represented in Table 4.
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Table 3. Percentage swelling and swell ratio.

Mix Code Swelling (%) Swell Ratio (Q)

M-1 281.7 ± 0.1 2.94 ± 0.1
M-2 237.2 ± 0.02 2.35 ± 0.003
M-3 177.0 ± 0.07 1.78 ± 0.08
M-4 562.9 ± 0.08 6.55 ± 0.13
M-5 428.2 ± 0.03 4.57 ± 0.12
M-6 314.9 ± 0.13 3.29 ± 0.1
M-7 267.9 ± 0.06 2.79 ± 0.06

Table 4. Tensile properties and hardness of the mixes.

Mie Tensile
Strength (MPa)

Elongation at
Break (%)

Modulus at
50% (MPa)

Modulus at
100% (MPa)

Modulus at
300% (MPa)

Hardness
(Shore A)

M-1 5.32 ± 0.98 292 ± 63 0.91 ± 0.13 1.56 ± 0.26 4.03 ± 1.87 39
M-3 2.84 ± 0.20 155 ± 9.0 1.08 ± 0.08 1.83 ± 0.19 - 52
M-4 3.07 ± 0.74 490 ± 98 0.37 ± 0.03 0.54 ± 0.05 1.38 ± 0.26 24
M-5 9.25 ± 1.40 566 ± 89 0.62 ± 0.13 0.90 ± 0.10 2.55 ± 0.67 34
M-6 9.34 ± 2.93 482 ± 77 0.70 ± 0.11 1.07 ± 0.12 3.08 ± 0.48 42
M-7 9.89 ± 2.81 425 ± 45 0.85 ± 0.11 1.33 ± 0.18 4.32 ± 1.34 47

For a comparative evaluation, the tensile properties of the vulcanizates of M-1 and
M-3 are also given in Table 3. The vulcanizate of M-1 gives a TS of 5.32 MPa with an
EB of 292%. Both the TS and the EB were reduced to 2.84 MPa and 154%, respectively,
when CR was cured with a combination of ZnO and MF (M-3). The cured network of
M-1 might not be strong enough because the network mainly composed of carbon–carbon
crosslinks as per the reaction mechanism proposed by Vukov. Therefore, the cured network
of M-1 might have certain flexibility to transfer the tensile load, and thereby exhibit a
relatively high TS and EB compared to the vulcunizate of M-3. The additional crosslinks
formed in the vulcanizate of M-3 owing to the proposed Diels–Alder reaction shown in
Figure 4a, the cured network of M-3 will be rigid and strong. As a result, the transfer of
tensile load becomes difficult and hence shows a low TS and strain at break. However,
the strong network structure in M-3 significantly enhances its hardness and modulus. It
was interesting to note that the vulcanizate of the blend with no MF (M-4) gives a TS of
3.07 MPa and an EB of 490%. However, after the incorporation of 1 phr MF, the TS of the
blend vulcanizate (M-5) suddenly improved and was three times higher than M-4. Both the
modulus and hardness of M-5 were also significantly improved with the addition of even
1 phr MF. The improved mechanical properties of the blends cured with MF in conjunction
with the accelerated sulfur give a strong indication concerning the co-crosslinking reaction
between NR and CR, as proposed in Figure 4c. It is worth noting that the TS of the blends
did not improve further beyond 1 phr MF. That being said, the modulus and hardness
were significantly improved up to the addition of 5 phr MF. To understand the strength
of the blend vulcanizate, the abovementioned tensile properties were also evaluated after
ageing them at 70 ◦C and 100 ◦C for 72 h. The results are depicted in Figure 6a–c.

From the results, it is clear that the properties of the unaged and aged samples at 70 ◦C
for 72 h were comparable. However, the properties, particularly the TS were almost 3 times
lower when the blends were aged at 100 ◦C for 72 h. This might be due to the degradation
of the NR phase in the blend during the ageing process at 100 ◦C.
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Figure 6. Tensile properties of blend vulcanizates (a) tensile strength, (b) elongation at break, and (c) modulus at 100%
elongation before and after ageing.

4. Conclusions

The rheometer investigation of the curing of neat CR with a combination of ZnO and
MF at 180 ◦C exhibits a synergistic curing curve with a plateau type cure behavior. In light
of the mechanism proposed by Vukov, herein we propose that the Diels–Alder reaction
between the in situ-formed diene from CR/ZnO and the maleimide moieties of MF were
responsible for this synergistic curing behavior. Similarly, a synergistic curing behavior
was also observed in the rheometer study when a 50/50 blend of NR/CR was cured with
MF in conjunction with a conventional type accelerated sulfur (CV) system. The tensile
properties and the hardness of the blends were significantly improved after curing with
MF. A co-vulcanization reaction between the dienes generated from the CR and the NR
phases of the blends with either ends of the maleimide moieties via Diels–Alder reaction
was proposed to substantiate the observed synergistic curing behavior and the improved
tensile properties of the blends. The rheometer evidence concerning the curing of CR
with ZnO/MF demands an advanced investigation for further confirming the proposed
Diels–Alder reaction.
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Abstract: The rheometer curing curves of 50/50 blends of natural rubber (NR) and two different
halogenated rubbers with a combination of conventional accelerated sulfur (CV) and 3 phr of a
bismaleimide (MF3) at 170 ◦C indicates that a co-curing reaction has been taken place between NR
and the halogenated rubbers via Diels–Alder reaction. To further confirm whether the co-curing
reaction has taken place in the early stage of curing, a complex test methodology was applied with
the help of a rubber process analyzer. In this test, the blends with CV and with CVMF3 were subjected
to cure at 170 ◦C for a predetermined time so that both the CV and CVMF3 cured blends will have
the same magnitude of curing torque. It is then cooled down to 40 ◦C and the storage modulus
(G′) was evaluated as a function of strain from 0.5% to 100% at a constant frequency of 1 Hz. The
results reveal that the blends cured with CVMF3 exhibit a higher G′ due to the enhanced network
strength because of the formation of bismaleimide crosslinks than the same cured with only the CV
system. The swelling resistance and the mechanical properties of the blends cured with CVMF3 were
significantly higher than those cured with only the CV system.

Keywords: rubber; curing; strain sweep; rheometer; rubber process analyzer

1. Introduction

Manufactures of rubber products and suppliers of polymers and raw materials are
forced to apply predictive and advanced laboratory test methods and experiments when
seeking for high-performance elastomers for future rubber products, as well as for a
better, overall, understanding of the properties of the materials. Moreover, they are strictly
following the environmental requirements for reducing energy consumption for production
while keeping constant or increasing the performance of rubber products. The curing of
rubber compounds is one of the most important processes and it is almost the final step of
the rubber product development technology. Moreover, the process of curing and curing
systems will significantly influence the final performance of rubber products as well as the
total time required for rubber production. Through curing, the entangled rubber chains
turn into a network structure due to the formation of chemical crosslinks between the
rubber chains.

Scientists and technologists have mechanically connected the progressive enhance-
ment of the stiffness of the rubber stocks during curing and developed cure meters to
precisely monitor the curing process. In the rubber industry, cure meters are commonly
called rheometers. Oscillating disc rheometer (ODR), oscillating die (moving die) rheometer
(MDR) and rubber process analyzer (RPA) are the commonly used equipment to charac-
terize the curing behavior of compounded rubber stocks. This equipment can directly
describe the kinetics of the crosslinking reaction due to the combination of mechanical
representations of chemical processes. The ability of these cure meters to detect the minor
changes in different batches of rubber compounds due to improper mixing, insufficient
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quantity of the compounding ingredients makes it a widely accepted production control
instrument in the rubber industry [1,2]. Nowadays, the rheometers are modified in such a
way that they can be utilized to test the curing behavior as well as the viscoelastic properties
on the same sample to be tested. RPA is one such version of a modified rheometer that can
be used to test the curing behavior as well as the viscoelastic properties of the sample after
curing. It uses a rotorless biconical die design. The lower die of RPA can oscillate from
0.05◦of arc to 90◦ of arc at an oscillation frequency of 0.1 to 2000 cycles per minute (0.33 Hz
to 33 Hz). The temperature can be programmed to change upward or downward between
40 ◦C and 230 ◦C. Because of the possibilities of applying a wide range of strains and
frequencies to the test sample, RPA can be employed to evaluate the viscoelastic properties
of the rubber compounds after the curing has been completed [2–4]

It is well-known that natural rubber (NR) is a non-polar, highly unsaturated elastomer.
Because of its non-polar nature, NR exhibits poor resistance to hydrocarbon solvents, oils
and greases [5]. On contact with these substances, the NR-based compounds undergo
failure due to swelling. Therefore, NR is not considered a material of choice for the de-
velopment of oil seals or gaskets. Moreover, the unsaturated chemical structure of NR
makes it vulnerable to weather elements such as oxidative ageing and ozone attack [6].
To overcome the above-mentioned limitations, NR is frequently blended with polar elas-
tomers such as chloroprene rubber (CR) [7–10] or relatively less polar and less unsaturated
elastomers such as bromobutyl rubber (BIIR), etc., [11] and curing the same with proper
curing agent. It is well-known that the most appropriate curing system for the NR is the
accelerated-sulfur system. The accelerated sulfur system is a package which comprises sul-
fur, accelerator, activator (Znic oxide, ZnO) and a fatty acid (stearic acid). The accelerated
sulfur system produces sulfidic crosslinks in the cured network. Generally, three types of
sulfidic crosslinks such as monosulfidic (C–S–C), disulfidic (C–S–S–C), and polysulfidic
(C–Sx–C) have been identified in the cured network of NR after curing with the accelerator
sulfur system. By adjusting the accelerator to sulfur (A/S) ratio, the level of mono, di, and
the polysulfidic crosslinks in the cured network can be manipulated. The conventional
accelerated-sulfur vulcanization (CV) system generally produces a cured network with 95%
poly and di sulfidic crosslinks and 5% monosulfidic. Therefore, for a CV system, the accel-
erator to sulfur ratio should maintain in the range 0.1–0.6. This means in the CV system,
the sulfur dose is around 2–3.5 phr and the accelerator dose is around 0.4–1.2 phr. [12–14].
Unlike NR, both CR and BIIR are generally cured with ZnO. However, some amount of
magnesium oxide (MgO) is also used along with ZnO to cure CR. The cured network of CR
or BIIR mainly consists of C–C crosslinks [15–17]. It is very important to note that being a
polar elastomer, CR has many unique properties such as oil, ozone and weather resistance.
Similarly, the bromobutyl rubber also possesses resistance to ageing and weathering from
atmospheric exposure due to its predominantly saturated polyisobutylene backbone of the
butyl rubber. Moreover, bromobutyl rubber possesses low gas and moisture permeability.
Therefore, blending of NR with CR or BIIR can exploit certain unique properties of these
individual elastomers. However, because of the microstructural differences and the cure
rate incompatibility, the blending and curing of NR with either CR or BIIR is very difficult.
Therefore, a chemical that can act as a reactive compatibilizing or co-curing agent between
NR and CR (or BIIR) is essential for enhancing the compatibility between NR and CR
or BIIR.

In our previous article, the co-curing effect of a combination of conventional accel-
erated sulfur (CV) and a bismaleimid on a 50/50 blend of NR/CR was reported based
on a moving die rheometer (MDR-3000, Mon Tech, Buchen, Germany). Mainly based
on this rheometer cure data, a mechanism responsible for the co-curing effect of the
CV/bismalimide on the NR/CR blend has been proposed [18]. In the present work, the
curing behavior of a 50/50 blend of NR with another grade of CR and a 50/50 blend of
NR with another halogenated rubber was investigated; BIIR was again investigated in the
presence of a combination of CV/bismaleimide using the same MDR. For a comparative
analysis, the curing behavior of neat NR with CV system and the curing behaviors of neat
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CR and BIIR with metal oxides were also reported. To check the validity of the curing be-
havior and the mechanism proposed in reference [18], a specially designed testing protocol
was employed in this study with the help of a rubber process analyzer (RPA).

2. Materials

The natural rubber (standard Vietnamese rubber with a Mooney viscosity ML (1 + 4 at
100 ◦C: 60 ± 5) was obtained from Binh Phuoc, Vietnam under the trade name SVR CV60,
Chloropre rubber (Chloroprene Denka M.40), DuPont elastomer with a Mooney viscosity
ML (1 + 4, 100 ◦C: 48 ± 5) and Bromobutyl rubber (Exxon bromobutyl 224) with a Mooney
viscosity ML (1 + 8, 125 ◦C: 46 ± 5) were used as the base elastomers. Maleide F (MF) is
a combination of 75% N,N′-meta phenylene dimaleimide and a 25% blending agent was
procured from Krata Pigment, Tambov, Mentazhnikov, Russia. The chemical structure of
MF is shown in Figure 1. Other ingredients such as sulfur; n-cyclohexyl-2-benzothiazole
sulfenamide (CBS); stearic acid; and zinc oxide; and magnesium oxide were purchased
from Sigma-Aldrich, Prague, Czech Republic.
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2.1. Preparation of Rubber Compounds

The formulations of the mixes with designations are displayed in Table 1. All the
compounds were prepared using an internal mixer (Brabender Plastograph, GmbH & Co.
KG, Duisburg, Germany) with a chamber volume of 50 cc. A fill-factor of 0.8 was taken for
the efficient mixing of the ingredients. To prepare the NR-based compound, the neat NR
was masticated at 50 ◦C under 50 rpm for 2 min. To this, the ZnO, stearic acid, and MF were
added, and the mixing was continued under the same rotor speed and temperature for
another 2 min. The sulfur and CBS were then added and mixed for additional one minute.
After the mixing, the compound was discharged and homogenized using a two-roll mill.
Similarly, the CR- and the BIIR-based compounds were prepared after masticating them
at 50 ◦C under 50 rpm for 2 min. To the masticated CR, the ZnO, MgO, stearic acid and
MF were added, and the mixing was continued for another 2 min. To the masticated
BIIR, only the ZnO and MF were added and mixed for 2 more minutes. Later, the mixes
were discharged and homogenized using two-roll mill as in the case of NR. To prepare
the blend-based compounds, the individual rubbers were masticated separately for 2 min
under the same processing conditions. The pre-masticated rubbers were mixed for 1 min.
To this, the ZnO, MgO, stearic acid and MF were added, and the mixing was continued for 2
more minutes. Finally, the sulfur and CBS were added and mixed for an additional minute.
After the mixing, the compound was discharged and homogenized using a two-roll mill.
It was then molded into sheets with a thickness of 2 mm by applying a constant force
of 200 N using a compression molding heat press LaBEcon 300 (Fontijne Presses, Delft,
The Netherlands). To avoid the interference of reversion, a molding temperature of 170 ◦C
was selected in this study.
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Table 1. Formulation of the mixes.

Mix No. Mix ID NR CR BIIR ZnO MgO St. Acid Sulfur CBS MF

1 NR-CV 100 - - 5 - 2 2.5 0.5 -
2 NR-CVMF3 100 - - 5 - 2 2.5 0.5 3
3 CR-ZnO - 100 - 5 4 0.5 - - -
4 CR-ZnOMF3 - 100 - 5 4 0.5 - - 3
5 BIIR-ZnO - - 100 5 - - - - -
6 BIIR-ZnOMF3 - 100 5 - - - - 3
7 NR/CR-CV 50 50 - 5 2 1.25 1.25 0.25 -
8 NR/CR-CVMF3 50 50 - 5 2 1.25 1.25 0.25 3
9 NR/BIIR-CV 50 - 50 5 - 1 1.25 0.25 -

10 NR/BIIR-CVMF3 50 - 50 5 - 1 1.25 0.25 3

2.2. Characterization
2.2.1. Cure Characteristics

Maximum torque: MH, minimum torque: ML, the difference between maximum
and minimum torque: ∆M, scorch time: TS2, optimum cure time: T90 (the time required
for the torque to reach 90% of the maximum torque) of the rubber compounds were
determined from the cure curves from a moving die rheometer (MDR-3000, Mon Tech,
Buchen, Germany) at 170 ◦C as per ASTM D 5289. The cure rate index (CRI), a measure of
the rate of curing, was calculated using Equation (1).

CRI = 100/(T90 − TS2) (1)

2.2.2. Cure-Strain Sweep Analysis

Being a viscoelastic material, rubber possess both the elastic (G′) and the viscous
(G′′) moduli. After curing, the elastic component will be the predominant one. Therefore,
G′ can give an idea of the strength of the cured network. Generally, the higher the G′,
the higher will be the strength of the cured network. Using a rubber process analyzer
(RPA) it is possible to measure both G′ and G′′ of rubber compounds at a wide range of
temperatures, strains and frequencies. To compare the strength of the blends cured with
CV and CV/bismaleimide, a special test configuration in the form of ‘cure-strain sweep’
was created using a Premier RPA (Alfa Technologies, Hudson, OH, USA). In this test, the
uncured sample was subjected to cure up to a predetermined time. After this, the sample
is cooled down to 40 ◦C within the cavity of RPA die and we conducted a strain sweep
experiment by varying the strain from 0.5% to 100% at a constant frequency of 1 Hz.

2.2.3. Swelling Behavior

Samples with a dimension of 20 mm × 30 mm × 2 mm size with an initial weight
(Wi) were swelled in toluene at room temperature until they reached an equilibrium
state of swelling. The swelled samples were then taken out and the adhered solvent was
wiped off from the surface using a filter paper, and the weights (Ws) were immediately
recorded. From the values of Wi and Ws, and the molecular weight of the solvent (Mw),
the equilibrium swelling in percentage and the solvent uptake in mol percentage were
calculated using Equations (2) and (3), respectively, [9,19]. To understand the speed of
swelling, the solvent uptake of the blends cured with CV and CV/bismaleimide were also
measured at different time intervals from 0 to 2880 min.

Equilibrium swelling (%) =
Ws−Wi

Ws
× 100 (2)

Solvent uptake (mol%) =
1

Mw

(
Ws−Wi

Wi

)
× 100 (3)
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2.2.4. Mechanical (Tensile) Properties

The stress-strain behavior and the corresponding tensile properties of the vulcan-
izates of the blends were measured using a universal testing machine (Testometric M350,
Testometric Company, Ltd., Rochdale, UK). The testing was performed under ambient
conditions at a crosshead speed of 500 mm/min as per ISO 37 using S2 type specimen with
a thickness of 2 mm. The results were reported at an average of six tested specimens.

2.2.5. Hardness Testing

Cured samples having smooth surfaces were used to measure the indentation hardness
using a Shore-A hardness tester (Bareiss Durometer, Oberdischingen, Germany) as per
ASTM D 2240. Indentations were made on different areas of the samples by applying
constant pressure for 3 s. Five readings were taken from different areas of the sample, and
we reported the average value.

3. Results and Discussion
3.1. Curing Behavior of Neat NR with CV and MF

Represented in Figure 2 are the curing curves of NR-CV and NR-CVMF3 at 170 ◦C for
1 h. Their cure characteristics are displayed in Table 2. NR-CV attains a maximum torque
in 6.13 min and then exhibits a sharp declination in the rheometric torque with time due to
reversion. The reversion was calculated and reported in percentage using Equation (4) and
the values are depicted in Table 3.

Reversion (%) =
S′max − S′60

S′max
× 100 (4)

where S′max is the maximum torque and S′60 is the torque at 60 min.
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Table 2. Cure characteristics of the mixes at 170 ◦C, 1 h.

Mix ID ML
(dNm)

MH
(dNm)

∆M
(dNm)

TS2
(min)

T90
(min)

CRI
(min−1)

NR-CV 0.96 5.73 4.77 1.95 3.88 51.81
NR-CV-MF3 0.77 6.64 5.87 2.32 6.86 22.02

CR-ZnO 0.74 4.90 4.16 6.26 43.83 2.66
CR-ZnO-MF3 0.64 10.14 9.50 2.18 37.25 2.85

BIIR-ZnO 1.20 2.53 1.33 10.64 13.92 30.48
BIIR-ZnO-MF3 1.24 4.89 3.65 2.71 8.89 16.18

NR/CR-CV 0.64 3.91 3.27 3.08 15.18 8.26
NR/CR-CV-MF3 0.53 6.41 5.88 2.92 22.36 5.14

NR/BIIR-CV 0.87 2.66 1.79 4.97 9.95 20.08
NR/BIIR-CV-MF3 0.82 5.87 5.05 3.10 18.05 6.68

Table 3. Reversion in compounds at 170 ◦C.

Mix ID Reversion (%)

NR-CV 25.8
NR-CVMF3 7.5
NR/CR-CV 3.83

NR/CR-CVMF3 No reversion
NR/BIIR-CV 7.9

NR/BIIR-CVMF3 No reversion

The nature of the cure curve of NR-CVMF3 was almost similar to NR-CV during the
initial stage of curing. However, NR-CVMF3 exhibits around 16% higher curing torque
from the point where the reversion started in NR-CV. As a result, the state of cure in terms
of ∆ torque in NR-CVMF3 was improved by 19% compared to NR-CV.

From Table 3, it is clear that NR-CV exhibits around 26% reversion at the end of the
given curing time. The intensity of reversion in NR-CV could be significantly reduced to
7.5% after incorporating 3 phr MF (NR-CVMF3). It has been reported that the curing process
of diene rubbers with the CV system generates polysulfidic crosslinks in the cured network.
These polysulfic crosslinks are unstable at elevated temperatures and rearrange to produce
a certain amount of conjugated dienes on the rubber backbone, particularly at the point of
reversion [14]. Therefore, the possibility of Diels–Alder reaction between the in situ formed
conjugated diene at the point of reversion and the maleimide moieties of MF is responsible
for the enhanced ∆ torque during the curing of NR-CVMF3 [20–22]. The chemical stability
of the bismaleimide-based bonds generated in the vulcanized network of NR-CVMF3 can
be considered as its enhanced reversion resistance at elevated temperatures.

3.2. Curing Behaviors of Halogenated Elastomers with Metal Oxide and MF

It is well-known that halogenated elastomers such as CR and BIIR can be cured with
metal oxides. Represented in Figure 3a,b are the curing behaviors of CR and BIIR as per
the formulations given in the mixes 3–6. Their cure characteristics are displayed in Table 2.
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CR with metal oxide (ZnO/MgO) exhibit a marching modulus curing behavior with a
high induction period (TS2 = 6.26 min) and time to optimum cure (T90 = 43.8 min). Similar
behavior was also observed during the curing of BIIR with ZnO. Here also the induction
period was very high (TS2 = 10.6 min). However, the curing of BIIR with ZnO exhibits a
plateau type curing behavior. As a result, the T90 (13.9 min) of BIIR/ZnO was relatively
low compared to CR/ZnO/MgO. It is interesting to note that the curing efficiency of ZnO
in both the CR and BIIR becomes enhanced after incorporating 3 phr of MF. For instance,
the extent of curing in terms of ∆ torque in CR-ZnO has been improved by about 144%
with the addition of 3 phr MF (CR-ZnO/MF3). Similarly, the ∆ torque in BIIR/ZnO was
improved by around 174% in the presence of 3 phr MF. Moreover, the induction period, TS2
of CR-ZnO has economically been reduced from 6.3 min to 2.2 min, and for BIIR/ZnO, it is
reduced from 10.6 min to 2.7 min, respectively, after adding 3 phr MF. Literature reported
that the halogenated rubbers such as CR and BIIR can also produce conjugated dienes
when it is heating with ZnO [23,24]. Hence, the efficiency in the curing reaction between CR
and BIIR with ZnO in the presence of MF can also be ascribed to the Diels–Alder reaction
between the in situ formed dienes generated on the polymer with the maleimide moieties
of MF [25–27].

3.3. Curing Behaviors of NR/CR (BIIR) Blends with CV and MF

From the curing behaviors of the virgin NR with CV/MF3 and the halogenated
elastomers (CR and BIIR) with ZnO/MF3, it has been confirmed that MF can substantially
improve the extent of curing by utilizing the in situ formed dienes because of the so-
called Diels–Alder reaction. Therefore, an attempt has been made to exploit the in situ
formed dienes from these elastomers to enhance the cure compatibility and other physico-
mechanical properties of their blends.

To check whether MF can act as a compatibilizing (co-curing) agent, 50/50 blends
of NR with CR and BIIR have been prepared as per the formulations corresponding to
the mixes 7–10. Depicted in Figure 4a,b are the representative cure curves of NR/CR-
CV, NR/CR-CVMF3, NR/BIIR-CV and NR/BIIR-CVMF3 at 170 ◦C for 1 h. Their cure
characteristics are also displayed in Table 2. Both NR/CR-CV and NR/CR-CVMF3 exhibit
almost the same speed of curing up to 4.4 min. Later, NR/CR-CV achieved a maximum
torque of 3.91 dNm at about 25 min followed by a slight declination in the rheometric torque
due to reversion. However, NR/CR-CVMF3 exhibits a marching modulus curing behavior
and attained a maximum torque of 6.41 dNm nearly at the end of the given curing time (at
60 min). As a result, the extent of cure in terms of ∆ torque in NR/CR-CVMF3 was 80%
higher compared to NR/CR-CV. Because of the marching modulus curing behavior, the T90
of NR/CR-CVMF3 was higher than NR/CR-CV. Interestingly, no reversion was observed
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in NR/CR-CVMF3 till the end of the given curing time. The shape of the cure curves
NR/BIIR-CV and NR/BIIR-CVMF3 depicted in Figure 4b were similar to NR/CR-CV and
NR/CR-CVMF3, respectively. However, the speed of cure in terms of TS2 and the extent
of cure in terms of ∆M in NR/BIIR-CV were much lower than NR/CR-CV. For instance,
the TS2 and ∆M values of NR/CR-CV were 3.08 min and 3.27 dnM. On the other hand, the
TS2 value of NR/BIIR-CV was 4.97 min and its ∆M was around 45% lower compared to
NR/CR-CV. Here also, the NR/BIIR-CVMF3 exhibit a higher speed in the early stage of
curing followed by a slight marching modulus curing behavior with a 182% higher extent
of cure in terms of ∆M compared to NR/BIIR-CV. As in NR/CR-CVMF3, no reversion was
also observed in NR/BIIR-CVMF3 till the end of the given 60 min of curing. The possibility
of Diels–Alder reaction can be considered high to explain the enhanced state of cure in
NR/CR-CVMF3 and NR/BIIR-CVMF3. From the knowledge of the curing behaviors of
NR/CVMF3 and CR (BIIR)/ZnOMF3 as discussed earlier, it is reasonable to believe that
the Diels Alder reaction might take place in NR/CR-CVMF3 or NR/BIIR-CVMF3 in three
ways. One may be the in situ formed diene from the NR phase with the maleimide moieties
of MF. The second one may be the in situ formed diene from the CR (or BIIR) phase with
the maleimide moieties of MF. The third possibility could be a simultaneous Diels–Alder
reaction between the dienes generated in the NR phase and CR (or BIIR) phase with either
end of the maleimide moieties of MF as depicted in Figure 5. In this reaction, MF acts
as a coupling/compatibilizing agent between NR and CR (or BIIR), which is essential to
enhance the compatibility between these rubbers in their blends.
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3.4. Cure-Strain Sweep Analysis of NR/CR (BIIR) with CV and MF

From the curing curves of the blends depicted in Figure 4a,b, it can be noticed that the
torque corresponds to the T90 (15.2 min) of NR/CR-CV is 3.56 dNm. To reach the same
level of torque, NR/CR-CVMF3 took only 8 min. Similarly, the torque at T90 (9.95 min) of
NR/BIIR-CV is 2.48 dNm. To reach the same torque, NR/BIIR-CVMF3 took only 5 min.
Based on the nature of these rheometer cure curves, it has been assumed that the strength
of the cured network of the blends NR/CR-CVMF3 and NR/BIIR-CVMF3 might be higher
than NR/CR-CV and NR/BIIR-CV, respectively, even if the magnitudes of their curing
torque are the same. To check the validity of this assumption, a qualitative rheological test
in the form of a cure-strain sweep was conducted as per the testing protocol described
in the experimental Section 2.2.2 using the RPA. Depicted in Figure 6a are the RPA cure
curves of NR/CR-CV up to its T90 (15 min) and NR/CR-CVMF3 up to 8 min at 170 ◦C.
Their shear storage modulus (G′) vs. strain sweep curves are depicted in Figure 6b. It is
well known that the rheological parameter G′ indicates the elastic response of viscoelastic
material to an applied oscillatory strain. Hence, the term G′ can be considered as the
strength of the cured network. Generally, the higher the G′ higher will be the strength of
the cured network. It is interesting to note that at a given strain, the G′ of NR/CR-CVMF3
was considerably higher than NR/CR-CV even if the 15 min cured network of NR/CR-CV
and the 8 min cured network of NR/CR-CVMF3 exhibited the same RPA ∆M of around
0.13 dNm. For instance, at 10% strain, the NR/CR-CV exhibits a G′ of 324 kPa. At the
same strain, the G′ of NR/CR-CVMF3 was 3.7% higher than NR/CR-CV. Represented in
Figure 6c,d are the RPA cure curves of NR/BIIR-CV up to its T90 (10 min) and NR/BIIR-
CVMF3 cured up to 5 min at 170 ◦C and their G′ vs. strain sweep curves. As seen in the
case of NR/CR-CV and NR/CR-CVMF3, similar behaviors were also observed in the G′ vs.
strain sweep curves of NR/BIIR-CV and NR/BIIR-CVMF3. For instance, at 10% strain, the
G′ of NR/BIIR-CVMF3 was around 25% higher than NR/BIIR-CV even though both the
T90 cured NR/BIIR-CV and the 5 min cured NR/BIIR-CVMF3 exhibited the same RPA ∆M
of around 0.07 dNm. This RPA cure-strain sweep results support the fact that MF can act
as a compatibilising (co-curing) agent through the formation of bismaleimide adduct by
utilizing the in situ generated dienes on the chains of NR and CIIR (or BIIR) via Diels–Alder
reaction as described in Figure 5.
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3.5. Swelling Behavior

Depicted in Figure 7 are the solvent uptake in mol% and the swelling index (percentage
swelling) of the blends cured at different spans of time at 170 ◦C.
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Figure 7. Equilibrium swelling index and the solvent uptake of the blends molded at different
curing time.

It can be seen that the solvent uptake and the swelling index of the blend NR/CR-CV
cured at its T90 was considerably higher than the corresponding NR/CR-CVMF3 cured
at its T90. This swelling behavior is quite expected because the ∆M value of the T90 cured
NR/CR-CV was around 44% lower than the T90 cured NR/CR-CVMF3. In general, the
lower the ∆M value, the lower will be the crosslink density and, hence, the higher will be
the solvent uptake and swelling index. However, it is interesting to note that the solvent
uptake and the swelling index of NR/CR-CVMF3 cured up to 8 min was also lower than
the T90 cured NR/CR-CV even though the ∆M produced in NR/CR-CVMF3 after 8 min
of curing and the ∆M of NR/CR-CV cured up to its T90 exhibit almost the same value
of around 3.0 dNm (Figure 2). Similarly, the solvent uptake of the T90 (10 min) cured
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NR/BIIR-CV was around 23 mol% higher than the 5 min cured NR/BIIR-CVMF3 even if
both these blends cured up to the specified time exhibited the same ∆M of around 1.6 dNm.

From the above-mentioned equilibrium swelling studies of the blends, it has been
confirmed that the blends cured with CVMF3 exhibit a higher swelling resistance in terms
of solvent uptake compared to the blends cured with only CV. As already explained, one of
the reasons for this might be a tightened network structure formed due to the formation
of bismaleimide-based adducts between the chains of NR and CR (or BIIR). To check
whether the network is really tightened or not right from the beginning of curing owing
to the formation of the bismaleimide bonds as shown in Figure 5, we have monitored the
solvent uptake of the blends at different intervals of time. Represented in Figure 8a,b is the
solvent uptake in g/cm3 of the T90 cured NR/CR-CV, 8 min cured NR/CR-CVMF3, T90
cured NR/BIIR-CV and the 5 min cured NR/BIIR-CVMF3. It can be seen that the blend
NR/CR-CV exhibits a higher speed of swelling in terms of solvent uptake compared to the
NR/CR-CVMF3 even though both these blends cured up to the above-mentioned curing
time exhibited the same magnitude of ∆M. For instance, after 5 min of swelling, the solvent
uptake of the T90 cured NR/CR-CV was around 5% higher than NR/CR-CVMF3. Similarly,
after 5 min of swelling, the solvent uptake of the T90 cured NR/BIIR-CV was around 25%
higher than the 5 min cured NR/BIIR-CVMF3. This low amount of solvent uptake at the
early stage of swelling of the blends cured with CVMF3 supports the fact that MF can act
as a compatibilizer (co-curing agent) between NR and CR (or BIIR) by utilizing the in situ
formed dienes via Diels–Alder reaction, as depicted in Figure 5.
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3.6. Mechanical Properties

Depicted in Figure 9a–d are the mechanical properties such as the tensile strength
(TS), elongation at break (EB), modulus at different percentage elongations and the shore-A
hardness of NR/CR-CV, NR/CR-CVMF3, NR/BIIR-CV and NR/BIIR-CVMF3 molded at
170 ◦C as per their T90. NR/CR-CV shows a tensile strength of 2.85 MPa with a breaking
elongation of 511%. However, the TS of NR/CR-CVMF3 was 174% higher than NR/CR-CV.
Moreover, both the EB and modulus at different percentage elongations of NR/CR-CVMF3
were also considerably higher than NR/CR-CV. Similarly, the TS of NR/BIIR-CVMF3 was
107% higher than the corresponding NR/BIIR-CV. The modulus of NR/BIIR-CVMF3 at
different percentage elongations were also significantly higher than NR/BIIR-CV. The
hardness of the blends cured with CV and CVMF3 is represented in Figure 9d. The
knowledge of the hardness of a rubber material is very essential, particularly when it
is used in seals and gaskets. For sealing applications, the rubber compounds should
be soft enough for better sealing ability, yet hard enough to sustain the loading force.
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Generally, rubbers with a tightly cross-linked network structure exhibit a high resistance to
indentation. From Figure 9d, it is clear that the hardness of both the NR/CR-CVMF3 and
NR/BIIR-CV MF3 were significantly improved compared to their respective NR/CR-CV
and NR/BIIR-CV.
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The above-mentioned mechanical properties were also evaluated after molding NR/CR-
CVMF3 up to 8 min and NR/BIIR-CVMF3 up to 5 min. It is important to note that the
∆M value of the T90 cured NR/CR-CV and the 8 min cured NR/CR-CVMF3 are the same.
Similarly, the ∆M value of the T90 cured NR/BIIR-CV and the 5 min cured NR/BIIR-
CVMF3 are also the same. Interestingly, the TS of NR/CR-CVMF3 cured up to 8 min
was around 191% higher than the T90 cured NR/CR-CV. Similarly, the TS of 5 min cured
NR/BIIR-CVMF3 was 230% higher than the T90 cured NR/BIIR-CV. Moreover, the EB,
modulus at different percentage elongations and shore-A hardness of the 8 min cured
NR/CR-CVMF3 and the 5 min cured NR/BIIR-CVMF3 were considerably higher than the
T90 cured NR/CR-CV and NR/BIIR-CV, respectively. These mechanical property data
gives additional support for the enhanced compatibilization between NR and CR (or BIIR)
with CVMF via Diels–Alder reaction.

4. Conclusions

The cure characteristics of 50/50 blends of NR/CR and NR/BIIR with a combination
of conventional accelerated-sulphur (CV) and 3 phr of a bismaleimide (MF3) gives a
strong indication that a co-curing has been taken place between NR/CR and NR/BIIR via
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Diels–Alder reaction. One of the primary pieces of evidence for this was the significant
enhancement in the rheometer torque during the curing of these blends with CVMF3
compared to the same cured with only the CV system. Through Diles–Alder reaction,
the rubber chains in their blends are interconnected via maleimide-based adducts. These
crosslinks are believed to be stronger both mechanically and thermally than the sulphur
crosslinks in the CV cured blends. Therefore, the networks formed by the CVMF3 cured
blends were expected to be stronger than those cured with only the CV system. To check
this further, the shear storage modulus (G′) of the blends were evaluated by conducting a
specially designed cure-strain sweep analysis using a rubber process analyser. The results
reveal that the G′ values of CVMF3 cured blends were higher than those cured with only
the CV system, even though both the CVMF3 and the CV cured blends exhibited the
same magnitude of crosslinking torque. This confirms the fact that the network formed
in the CVMF3 cured blends is stronger than the CV cured blends. The reversion that was
observed in the CV cured blends completely disappeared after curing these blends with
CVMF3. This supports that the thermal stability of the CVMF3 cured blends was enhanced.
The mechanical properties, particularly the tensile strength, modulus and hardness of the
blends cured with CVMF3 exhibited significant improvements compared to the blends
cured with only the CV system. Moreover, the swelling resistance of the CVMF3 cured
blends improved significantly. All these results support the fact that the compatibility
between NR and CR (BIIR) has enhanced in their blends via the proposed Diels–Alder
reaction after curing them with CVMF3.
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Abstract: Ultraviolet curing of elastomers is a special curing technique that has gained importance
over the conventional chemical crosslinking method, because the former process is faster, and thus,
time-saving. Usually, a suitable photoinitiator is required to initiate the process. Ultraviolet radiation
of required frequency and intensity excites the photoinitiator which abstracts labile hydrogen atoms
from the polymer with the generation of free radicals. These radicals result in crosslinking of
elastomers via radical–radical coupling. In the process, some photodegradation may also take place.
In the present work, a high vinyl (~50%) styrene–butadiene–styrene (SBS) block copolymer which
is a thermoplastic elastomer was used as the base polymer. An attempt was made to see the effect
of ultraviolet radiation on the mechanical properties of the block copolymer. The process variables
were time of exposure and photoinitiator concentration. Mechanical properties like tensile strength,
elongation at break, modulus at different elongations and hardness of the irradiated samples were
studied and compared with those of unirradiated ones. In this S-B-S block copolymer, a relatively low
exposure time and low photoinitiator concentration were effective in obtaining optimized mechanical
properties. Infrared spectroscopy, contact angle and scanning electron microscopy were used to
characterize the results obtained from mechanical measurements.

Keywords: ultraviolet radiation; thermoplastic elastomer; high vinyl S-B-S; photoinitiator; mechani-
cal properties

1. Introduction

Light-induced polymerization is one of the most effective methods to generate three-
dimensional polymer networks, because of the high initiation rates reached under intense
illumination [1–3]. In most UV-curing applications, a solvent-free liquid resin is converted
quasi-instantly into a highly crosslinked polymer, selectively in the exposed areas, to pro-
duce protective coatings, quick-setting adhesives or high-resolution relief images. The
photochemical process has been widely used to crosslink solid polymers with polymeris-
able functional groups on their backbones [4], e.g., cinnamates [5], epoxides [6,7] and
acrylates [8]. A distinct advantage of photoinitiation is to afford precise control of the
chemical process. The crosslinking reaction is instantaneous, and starts immediately with
the impingement of light of suitable frequency, and it can be stopped by switching off the
UV lamp. The rate of reaction of course varies as a function of UV beam intensity.

UV-crosslinking of epoxy [9–11] or acrylate [12,13] functionalized natural rubber in
presence of suitable photoinitiators have been studied successfully, but natural rubber alone
does not show any reaction under such condition because of the low reactivity of the amylene
double bond. In styrene–butadiene–styrene (SBS), it had been recently reported that the
vinyl-functionalized mid-block can be readily photocrosslinked by UV irradiation at ambient
temperature in the presence of a suitable photoinitiator. The pendent vinyl double bonds
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are known to be more reactive than the in-chain butene double bonds of the polybutadiene
segments [14]. They are thermoplastic elastomers in nature and exhibit mouldability like
thermoplastics at elevated temperatures and the functional performance of elastomer at
ambient temperatures. Literature survey shows that very limited work related to UV-curing
of SBS copolymer is openly published because of the commercial sensitivity. In particular,
photocuring of SBS polymers was extensively studied by Decker et al. [15–17].

The authors have successfully presented a comprehensive investigation using statis-
tical design of experiments (DOE), using design expert software pertaining to response
surface methodology (RSM) to identify the influential effects of the process variables on the
final physical properties of UV-photocured SBS block copolymer [18]. The aim of that work
was to mathematically understand the effects of process parameters (time and distance) as
a function of photoinitiator (PI) concentration and molecular characteristics (vinyl content)
on the physico-mechanical properties of UV-cured SBS block copolymer. In that study, it
was found that relatively lower exposure time at lower photoinitiator concentration with
a closer distance from the UV source on a higher vinyl content polymer produced the
optimum condition for the overall balance of mechanical properties.

Based on the results obtained in the previous work, this study was framed. The main
objective of the present work was to study the effect of UV radiation on the mechanical
properties of the polymer using 4,4′ dihydroxybenzophenone as the photoinitiator at various
concentrations, each of the batches subjected to two different exposure time of 15 s and 30 s
and to correlate the results obtained with the previous paper based on the optimisation of
photoinitiator concentration and time. Further, the authors were interested to see improvement
in the mechanical properties with the use of the new photoinitiator over the previously used
benzophenone serving the same purpose. The results obtained were supported through
attenuated total refraction (ATR) Fourier transform infrared (FT-IR) spectroscopy, contact
angle and microscopic characterisation of the batches used for the study.

2. Materials and Methods
2.1. Materials

Styrene–butadiene–styrene (S-B-S) block copolymer Kraton DKX222 was obtained
from Kraton Polymers, Belgium. It contains 18 weight percent bound styrene and 82 weight
percent bound butadiene. The microstructure of the polybutadiene midblocks is about
50% 1,4(trans, cis) and 50% 1,2(vinyl) insertion in a random sequence. It has a density of
910 kg/m3 and weight average molecular weight <Mw> = 71,000 [19]. The structure of
the polymer is shown in Figure 1 [14]. It is also seen from Figure 1 that there are dangling
groups in the polymer main chains and these groups are due to 1,2(vinyl) insertion during
polymerisation. In this figure, PS represents the end block polystyrene units while the
midblock polybutadiene units (represented by the curved lines are seen to house the
dangling vinyl units shown as smaller protruding straight lines.
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2.2. Preparation of the Batches

Batches of the high vinyl SBS copolymer varying in the PI concentration were prepared
in a Haake Rheomix OS 600 (Thermo Fisher Scientific GmbH, Karlsruhe, Germany), with
a mixer chamber volume of 85 cm3. Each batch size was around 55 g and the mixer
temperature was kept between 90–100 ◦C. A constant rotor (cam type) speed of 65 rpm
was applied. After 2 min of homogenization of the polymer mass, appropriate amount of
the PI was added and the mixing was completed in 6 min. Immediately after each mixing,
the composition was removed from the mixer, and while still in hot condition, passed once
through a cold two-roll mill to achieve a sheet of about 2 mm thickness. The sheet was
cut and pressed (2 mm) in a compression molding machine (George Moore press, UK), at
120 ◦C, for 5 min and 3.94 × 104 kg/m2 ram diameter pressure. While molding, TeflonVR
sheets were placed between the sheet and the hot plates. The sheet was then cooled to
room temperature by circulating cold water through the press plates.

The sheets with a thickness of around 2 mm were subjected to ultraviolet treatment of
appropriate doses as shown in Table 1.

Table 1. Batch compositions in phr *.

Sample Designation

Components, phr * k0,0 kUV,0.2,15 kUV,0.4,15 kUV,0.6,15 kUV,0.8,15 kUV,1.0,15 kUV,1.5,15 kUV,0.2,30 kUV,0.4,30 kUV,0.6,30 kUV,0.8,30 kUV,1.0,30 kUV,1.5,30
SBS block copolymer 100 100 100 100 100 100 100 100 100 100 100 100 100

Photoinitiator 0 0.2 0.4 0.6 0.8 1.0 1.5 0 0.2 0.4 0.6 0.8 1.0

* phr is parts per hundred rubber by mass.

UV radiation was carried out using an Ultraviolet Medium Pressure Quartz Lamp
with a wavelength of about 250–350 nm (Advanced Curing System, Bangalore, India).
Samples were exposed to the radiation under 1800W mercury lamp, in the presence of air,
at a defined time and packing height. The maximum light intensity at the sample position
was measured by radiometry (IL-390 light bug) to be 600 mW cm−2. The samples were
designated as kUV, k to represent the Kraton polymer used and UV signifying ultraviolet
radiation treatment. This was followed by the numbers 0.2, 0.4, 0.06, 0.8, 1.0 and 1.5 corre-
sponding to the PI concentration in phr. Finally, the numbers 15 and 30 showed the time of
exposure of the samples to UV radiation.

2.3. Testing Programs
2.3.1. Mechanical Characterization

Tensile tests on the treated and untreated samples were performed according to ASTM
D 412 on dumbbell-shaped specimens (Type 2) using a Hounsfield tensile testing machine
H10KS (Germany) at a constant crosshead speed of 500 mm/min.

“Shore A” hardness of the samples was measured using a Durometer type A, as per
ASTM D 2240.

2.3.2. Spectroscopic Characterization

Fourier Transform Infrared (FT-IR) Spectroscopic Analysis of the unirradiated and
irradiated samples were done in attenuated total reflection (ATR)-FTIR spectra in the range
of 4000 to 650 cm−1 using an infrared spectrophotometer (Nicolet Nexus, Madison, WI,
USA). The spectra were obtained at a resolution of 4 cm−1 using a zinc selenide crystal.
The data obtained from the spectrometer were then fed in an algorithm of baseline creation
and subsequent subtraction [20–23] to quantify the disappearance of the vinyl pendant
groups showing peak at 909 cm−1 [24], which actively participated in the photocrosslinking
process. The quantification was done against normalized peak of polybutadiene unit at
965 cm−1 [24] of the SBS block copolymer.
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2.3.3. Calculation of Surface Energy by Contact Angle Method

The contact angles of different liquids on UV-irradiated samples were obtained using
a Ramé Hart contact angle meter. Before the UV treatment, the samples were compression
moulded within Mylar (polyester) films to keep them dust-free. Only during the brief
time of exposure of the samples to UV, the films were temporarily removed. After the UV
treatment, the samples were again covered on both sides with the Mylar films. During the
contact angle measurement, the surfaces of the samples were exposed by removing the
covers. All investigations were carried out using polymer plates which were cut out from
the moulded and UV-crosslinked sheets to obtain dimensions of 10 mm × 10 mm × 2 mm.
This produced an almost perfectly flat surface for contact angle measurements.

The sessile drop method employing 4 µL drops of different probe liquids was applied
for the contact angle measurements. The liquids used for the contact angle measurements
were bi-distilled water, formamide and diiodomethane. Each contact angle value quoted
was the mean of at least three measurements with a maximum error of ±1◦. All inves-
tigations were performed in air at 25 ± 1 ◦C. the experiments were carried out up to
exactly 5 min. Surface energies of the UV-crosslinked samples were calculated equating the
measured contact angle (θ) to the free surface energy using the Owens and Wendt equation
Equation (1) [25]

cos θ = −1 +
2(γd

s · γd
l )

1/2

γl
+

2(γp
s · γp

l )
1/2

γl
(1)

where γd and γp are the dispersive and the polar components respectively of the free
surface energy of solid and liquid, (s = solid and l = liquid). To find the contact angle, Rame
Hart goniometer (Rame Hart Instrument Co, Succasunna, NJ, USA) was used. Bidistilled
water, formamide and diiodomethane were selected as the probe liquids. The surface
parameters of these probe liquids were taken from the literature for calculating contact
angle (θ) [26,27].and are shown in Table 2.

Table 2. Literature data on contact angle probe liquid measurement.

Serial Number Liquid γl
d (mN·m−1) γl

p (mN·m−1) Reference

1 Formamide 39.5 18.7 26 Hefter (06)
2 Diiodomethane 48.5 2.3 27 Tang (2005)
3 Water 21.8 51.0 27 Tang (2005)

2.3.4. Morphological Studies in Raame Hart Camera

To understand the nature of dispersion of UV photoinitiator within the matrix of
the variously compounded high vinyl S-B-S block copolymer, visible light was passed
through selected samples and the anterio-postirior photographs were captured in a camera
attached with the Ramé Hart contact angle equipment. The images were magnified enough
to capture the dispersion. However, the camera did not have the provision to register the
value of magnification.

2.3.5. Scanning Electron Microscopic Studies

To examine the surface morphology, scanning electron microscopic (SEM) studies
were performed on gold-coated samples using a scanning electron microscope JSM 5800
(JEOL, Tokyo, Japan) at 10 kV at a magnification of 5k.

2.3.6. Crosslink Density Calculation

Crosslink densities were measured using the modified Flory Rehner equation by
the equilibrium solvent swelling method. In this case, cyclohexane was chosen as the
equilibrium solvent due to its solubility parameter of 8.18 (cal/cm3)1/2 which is close to
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that of butadiene units of S-B-S). Initial weight, swollen weight and de-swollen or dried
weight were measured and substituted in Equation (2) which is as follows:

ν = − 1
vs
· ln(1− vr) + vr + χ(vr)

2

(vr)
1/3 + 0.5vr

(mol·ml−1) (2)

where:

ν → = number of moles of effectively elastic chains per unit volume of the polymer
[mol/mL] (Overall Crosslink Density),
Vs→ = molar volume of the solvent (here cyclohexane) used [cm3/mol],
χ→ = polymer-swelling agent interaction parameter (here, 0.3) (Barton 1985) or Flory–
Huggin’s parameter,
Vr→ = volume fraction of the polymer in the swollen network, expressed as Vr = 1/(Ar + 1),
Ar→ = is the ratio of the volume of absorbed solvent (cyclohexane) to that of the polymer
after swelling (Flory and Rehner 1943; Naskar 2004).

3. Results and Discussion
3.1. Mechanical

The results obtained for the unirradiated as well as the samples irradiated at 15 s and
30 s at various concentrations of the photoinitiator are presented in Table 3.

Table 3. Mechanical properties of the compounds at varying times and phoinitiator concentration irradiated with UV of a
given frequency and intensity.

Components k0,0 kUV,0.2,15 kUV,0.4,15 kUV,0.6,15 kUV,0.8,15 kUV,1.0,15 kUV,1.5,15 kUV,0.2,30 kUV,0.4,30 kUV,0.6,30 kUV,0.8,30 kUV,1.0,30 kUV,1.5,30

S-B-S 100 100 100 100 100 100 100 100 100 100 100 100 100
Photoinitiator 0 0.2 0.4 0.6 0.8 1.0 1.5 0.2 0.4 0.6 0.8 1.0 1.5

Mechanical Properties

Hardness, Shore A 41 50 50 51 51 51 51 50 51 51 52 52 53
T.S. *, MPa 5.3 7.3 7.0 6.5 6.1 5.6 5.0 7.2 6.3 6.1 5.8 5.4 4.8

M # 100, MPa 0.7 0.9 1.0 1.2 1.3 1.3 1.0 0.7 0.8 1.0 1.2 1.3 0.9
M200, MPa 0.9 1.2 1.3 1.4 1.6 1.7 1.3 1.0 1.2 1.4 1.5 1.7 1.3
M300, MPa 1.2 1.6 1.7 1.8 2.2 2.2 1.7 1.3 1.6 1.8 2.2 2.2 1.7

E.B. $, % 1200 1140 1090 1050 1030 1000 980 1130 1070 1010 1000 940 900
XLD &, mol·mL−1·105 2.37 2.90 3.51 3.95 4.39 4.86 2.41 2.92 3.67 3.89 4.43 4.87

* ultimate tensile strength; # modulus at a specified elongation % of 100, 200, 300; $ elongation at break; & crosslink density.

For the UV-irradiated samples, the tensile strength showed a decreasing trend with
an increase in photoinitiator concentration with the 15 s crosslinked samples showing
marginal higher values at equivalent photoinitiator concentration over the 30 s crosslinked
ones. The maximum tensile strength of 7.3 MPa at photoinitiator concentration of 0.2 phr
and irradiation time of 15 s was a clear indication of improvement over the unirradiated
control sample which had a tensile strength value of 5.3 MPa. The 30 s exposed sample at
the same photoinitiator concentration showed a tensile strength of 7.2 MPa from where it
may be inferred that an additional exposure time of 15 s, which consumed more energy did
not produce any improvement in tensile strength. The results obtained are better visualized
in Figure 2.

Though all the photoinitiator compounded samples got crosslinked with the gener-
ation of free radical sites on the polymer in accordance with Scheme 1 [28], yet with an
increase in the photoinitiator concentration the probability of crack initiation in the polymer
matrix and subsequent crack propagation was perhaps the most plausible explanation for
the reduction in tensile strength.

Arguably though the surface consumed up all the photoinitiator as will be discussed
in the subsequent part of the results and discussion section, yet there was a large excess
of un-reacted photoinitiatior in the bulk, acting as an impurity. This excess amount was
further supported through photographs captured in a Ramĕ–Hart camera attached with
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the contact angle goniometer which is presented in Figure 3. These were photographs
taken in the antirio-postirior direction with visible light passing through the polymer.
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The photographs captured the presence of aggregates of the photoinitiator embedded
within the polymer matrix. They clearly proved that with an increase in the photoinitia-
tor concentration, the average size as well as the population of the photoinitiator both
increased. The photographs show a gradual increase in darkening shades with an increase
in photoinitiator concentration, which conclusively proved the assumption of residual
photoinitiator in the bulk.

The elongation at break also showed a decreasing trend as a function of the photoini-
tiator concentration as is evident from Figure 4.

It was reasoned out that the elongation at break was the determining parameter for
the tensile strength. Additionally, from Table 3, better understood through Figure 5, it is
seen that the M100, M200 and M300 for both 15 and 30 s UV-irradiated samples increased
almost linearly from 0.2 to 1.0 phr of the photoinitiator and then decreased at the highest
concentration of 1.5 phr.

Here also, it was supposed that at very high photoinitiator concentration, the polymer
housed many big aggregates of the unreacted photoinitior in the bulk, which served
as potential areas of weaknesses to decrease the magnitude of modulus through the
phenomenon of multipoint crack initiation and subsequent crack propagation.

Usually for lowly crosslinked thermoplastic elastomers, as is the case in the present
study and as will be shown through the crosslink density calculation, the modulus even at
reasonably high elongations increases as a function of crosslink density while the tensile
strength increases to a maximum and then decreases. This is because modulus is a function
of crosslink density only, while tensile strength depends simultaneously on the crosslink
density as well as the amount of energy that can be dissipated from the polymer matrix.
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Figure 3. Antirio-posterior photographs of UV-cured samples at (a) 0.2, (b) 0.4, (c) 0.6, (d) 0.8 (e) 1.0
and (f) 1.5 phr of the antioxidant (magnified but not quantified).
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Figure 4. Elongation at break as a function of photoinitiator concentration.

However, in the present study, it was observed that the crosslink density continuously
increased as a function of the photoinitiator concentration, though at a little lesser rate from
1.0 to 1.5, as is shown in Figure 6, but the modulus at any of the three defined elongations
decreased from 1.0 to 1.5 phr of the photoinitiator concentration.
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In general, crosslink levels should be high enough to prevent failure by viscous flow
but low enough to avoid brittle failure. However, in this study, the crosslink density was in
the low order of 10−5, which could not have enhanced the brittle failure of the polymer.
Still, it was observed that the modulus after an initial steady increase finally decreased.
The explanation has already been given in terms of crack initiation and propagation.

For elongation at break as well as modulus, the 15 and 30 s crosslinked samples showed
comparable results as is evident from Table 3, with the maximum modulus obtained at
1 phr of photoinitiator for both. The modulus values produced marked improvement over
the control sample as can be observed from the table.

Hardness measured on the surfaces of the irradiated samples ranging from 50–53
“Shore A” also reflected an increase over the control sample where the hardness was only
41. In general, an increase in hardness is accompanied by an increase in modulus values.
However, as was argued earlier, the modulus at the highest photoinitiator concentration
decreased as a result of the role played by the residual aggregates of photoinitiator in
the bulk.

Along with the postulate of aggregate size playing a role in determining the mechani-
cal properties, another radical explanation may be given to understand the trends observed.
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Generally, when irradiated with UV light, benzophenone and substituted benzophe-
nones absorb energy and are excited to singlet state which is not stable. So, they rapidly
relax to the more stable triplet state by intersystem crossing (ISC). Studies have found that
the excited triplet states are efficient hydrogen abstracting species as shown in Scheme 1.
These in turn lead to the formation of polymeric free radicals by absorbing hydrogen from
the liable sites [28]. According to Scheme 1, it can be said that during photochemical
reaction involving benzophenone type photoinitiator, the total number of macroradical
sites depends on the concentration of the photoinitiator.

Thus, the negative shift in the physical properties as a function of photoinitiator
concentration as was found in the results of the experiments can be reasoned out by the fact
that an increase in photoinitiator concentration has two possible effects. On one hand, it
accelerates the crosslinking reaction by the formation of more reactive species. On the other
hand, it steepens the cure depth gradient, especially for thick samples, called as “inner
shield effect” [17,29]. Hence it was ascertained that as the photoinitiator concentration
increased from 0.2 to 1.5 phr, a compromise between effective and insufficient crosslinking
in the inner or middle layers of the samples took place and consequently the physical
properties were affected in a negative manner. This was true for tensile strength for all
the concentrations and correct for modulus above a concentration of 1.0 phr. However,
as discussed earlier, this was the second effect, the first one attributed to the aggregate
residues of the unreacted photoinitiator in the bulk again due to the inner shielding effect.
However, insufficient did not mean that the crosslink density would decrease after a certain
concentration of the used photoinitiator.

This phenomenon of insufficient crosslinking in the bulk was conclusively proved by
carrying out some interesting sol–gel experiments. Cylohexane is a suitable solvent for the
SBS block copolymer and when uncrosslinked, the polymer mass formed a monophasic
solution in it. However, it was found that each UV-irradiated sample in the presence of
the photoinitiator generated two strings after immersing the samples in cyclohexane for
a period of 48 h at ambient temperature. The photograph of one such swollen sample at
equilibrium with cyclohexane showing the generated strings are shown in Figure 7.
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hane after a period of 48 h from the initial time of immersion.

Due to the inner shielding effect, the inside of each of the samples did not get
crosslinked and was thus dissolved in the solvent. The two outer surfaces that got
crosslinked were rendered insoluble and naturally in their highest entropic condition
were manifested as strings. Since the test specimens for the sol–gel experiments were
scissor cut from the original UV-irradiated samples, thus they were necessarily cuboidal in
shapes, with a length, a breadth (dependent on the cutting) and a thickness of about 2 mm
(original moulded thickness before exposure to UV radiation), the strings which were
generated after 48 h immersion in cyclohexane were actually very thin UV-crosslinked ele-
ments (much thinner than 2 mm), but with the same lengths and breadths of the specimens
used before immersion.
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Based on this assumption, a very simple but an innovative method was adopted to
find the thickness of cure of such a crosslinked system. The relation m = ρ/v, was used
for the purpose, where ρ was the density of the compounded and crosslinked sample, m
the mass and v the volume all expressed in appropriate units. Knowing the density to be
0.91 g cm−3 for the uncompounded and uncrosslinked polymer and assuming that the
density did not vary considerably after the addition of a small amount of the photoinitiator
in the range of 0.2 to 1.5 phr, it was further assumed, for all practical calculations that the
densities of the crosslinked samples were also 0.91 g cm−3.

After the formation of the strings (actually each was a cuboidal volume with a definite
length, breadth and thickness) and subsequent drying, it was found that the masses of the two
strings for each of the photoinitiator concentrations were almost the same. This proved that
both the sides exposed to the same time of exposure to UV radiation got crosslinked to the
same extent. The volume of a string was obtained by dividing the mass by the density. Since
the length and the breadth of the string were assumed to be the same as that of the sample
before it was immersed in the solvent, the area of the string remained the same. Dividing the
calculated volume by this area provided the thickness of crosslinking of the string.

This was then a direct means to find the thickness of crosslinking without going for
any other instrumental methods. For the samples under investigation, the thickness of
crosslinking was about 0.30 µm (each side) at photoinitiator concentration of 0.2 phr and
0.22 µm at 1.5 phr. There was no reportable difference between the thickness of crosslinking
due to a variation in the exposure time.

The vinyl double bond in the SBS block copolymer is more reactive than the in-chain
butene double bonds. However, a close look in the vinyl chemistry shows that, in addition
to the intermolecular crosslinking, an intra-molecular cyclization or cyclopolymerization
process may take place in the vinyl bonds located on the same polybutadiene chains [15].
The latter reaction leads to the formation of hard brittle clusters or domains, which in
turn act as stress concentration points to reduce the mechanical properties. Hence, the
ultimate physical properties, along with what is discussed so far were again a compro-
mise between the inter- and intra-molecular crosslinking for the high vinyl-SBS samples
(Scheme 2) [15]. In addition to that, it may also be reasoned out that a significant rise in the
temperature took place due to an exothermic crosslinking reaction. The resulting increase
in molecular mobility would favour more crosslinking and hence the formation of a tighter
network structure [15].

The rise in temperature, though not monitored in the present study can yet be ap-
preciated according to some researches on some other polymers under the broad head of
thermal and thermomechanical properties of block copolymer [30,31].

From what has been discussed so far, it may be inferred that the polymer was productive
to UV radiation in the range of 250–350 nm in the presence of 4,4′ dihydroxybenzophenone
as the photoinitiator. Although the mechanical properties were very close, it was s the 15 s
irradiated samples that showed marginal better tensile properties over the 30 s irradiated ones.

If the overall mechanical properties were improved in a 2 mm thick sample where
inner shielding effect prohibited the bulk of the polymer to get crosslinked, then definitely
the properties would have been much better if the experiments were carried out with thin
films of dimensions in the order of µm.

In fact, the present study with a 2 mm thick sample, compounded by melt mixing
process was advantageously used to understand both, what happened under such a
condition, and also to predict what may happen if the solvent casting is chosen to get a thin
film of the polymer in which the photoinitiator will be more homogeneously distributed
with a uniform crosslinking of virtual no inner shielding effect due to the thin film.

3.2. Infrared Spectroscopic Studies

Furthermore, in order to support the assumption of crosslinking via vinyl double bonds
in the UV-irradiated samples, ATR FT-IR studies were done. Figure 8a,b show the unsub-
tracted spectra of some selected samples in the wavenumber range of 1050 to 680 cm−1.
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Scheme 2. Plausible reaction scheme of vinyl functionality in the butadiene segments.
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These spectra were of limited use in understanding the active participation of the
dangling vinyl groups in photocrosslinking as they were not baseline subtracted. Thus,
baseline subtraction was done by using an algorithm of baseline fitting and subsequent
subtraction [20–23]. The baseline subtracted spectra of the same selected samples in the
wavenumber range of 1050 and 680 cm−1 are presented in Figure 9a,b.
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Figure 9. Baseline-fitted and subtracted spectra of the control sample and selected 30 s irradiated
samples (a) superimposed and (b) the spectra stacked by Y offsets.

After baseline subtraction, the characteristic absorbance peak height for the main
chain polybutadiene at 965 cm−1 was normalized and against this normalized peak height,
the absorbance peak height of the vinyl pendant group at 909 cm−1 was calculated. The
baseline subtracted peak heights and the subsequent calculations are presented in Table 4.

Table 4. Baseline subtracted characteristic peak height ratios of vinyl to polybutadiene for the control sample and some
selected for the 30 s UV-irradiated samples.

Infrared Absorbance Peak Heights
Sample Designation Vinyl, 909 cm−1 Polubutadiene, 965 cm−1 Vinyl/Polybutadiene

k0,0 2.0944 0.5703 3.6728
kUV,0.2,30 1.8572 0.5451 3.4074
kUV,0.6,30 1.3804 0.4197 3.2889
kUV,1.0,30 1.6156 0.5178 3.1202
kUV,1.5,30 2.0113 0.6456 3.1155
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It is observed from the table that from the control sample to 1.0 phr of the photoinitiator,
the ratio decreased in almost a linear manner. However, the ratio became almost the same
for the 1.0 and the 1.5 phr photoinitiator compounded samples [15].

Since the ratio of the peak heights at 1 and 1.5 phr were almost the same, it was
inferred that at this highest concentration, some unreacted photoinitiator remained on the
surface of the polymer. The above analysis suggested that the vinyl double bonds were the
active sites of crosslinking. In the process, some intramolecular cyclisation might have also
taken place which is shown in Scheme 2.

Superimposed, baseline subtracted FT-IR spectra of the control sample and the sample
at photoinitiator concentration of 0.2 phr irradiated for 30 s, in the wavenumber range of
4500 to 650 cm−1 is shown in Figure 10. It depicts that there was no observable appearance
of oxidized groups in the UV-treated sample. Thus, it proved that during the process of
UV irradiation in air, no significant oxidation occurred.
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Figure 10. Superimposed, baseline subtracted spectra of the control sample and 0.2 phr incorporated
30 s irradiated sample to study oxidation of the UV-irradiated sample.

These two baseline-subtracted spectra were already shown in Figure 9 amongst other
spectra, but in a smaller wavenumber range

3.3. Surface Phenomenon through Contact Angle Studies

The disappearance of the vinyl pendant groups without any aerial oxidation was further
supported through surface energy calculation (Table 5), by measuring equilibrium contact
angle in selected solvents with the variously compounded and UV-crosslinked samples.

Table 5. Surface energy (mJ·m−2) using water, formamide and diiodomethane as probe liquids.

Sample Designation Water and
Formamide

Formamide and
Diiodomethane

Water and
Diiodomethane

kUV,0.2,15 41.43 41.91 42.06
kUV,0.4,15 40.68 40.38 40.29
kUV,0.6,15 39.96 39.12 38.89
kUV,0.8,15 37.36 37.27 37.26
kUV,1.0,15 36.59 35.65 35.45
kUV,1.5,15 35.05 34.65 34.55
kUV,0.2,30 43.56 41.34 40.68
kUV,0.4,30 40.32 40.06 39.99
kUV,0.6,30 39.60 38.49 38.20
kUV0.8,30 35.89 36.64 36.82
kUV,1.0,30 36.59 35.29 35.00
kUV,1.5,30 35.05 34.30 34.11
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Since the maximum crosslinking occurred on the surface due to the phenomenon
of cure depth gradient, contact angle measurements were done to calculate the surface
energy to understand the changing nature of the surface. Figure 11a,b show surface
energy as a function of photoinitiator concentration for the 15 s a nd 30 s crosslinked
samples respectively.
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Figure 11. Surface energy as a function of photoinitiator concentration at (a) 15 s exposure time and (b) 30 s exposure time.

It is seen from both figures that surface energy decreased with an increase in the
photoinitiator concentration. Since γs(t) which is the total surface energy of the solid
sample is the sum total of γd

s (dispersive part of the solid component) and γ
p
s (polar part of

the solid component), a decrease in γs(t) may be due to either a decrease in γd
s or a decrease

in γ
p
s or a decrease in both. Table 6 shows that in the present case, the decrease in the

total surface energy with an increase in photoinitiator concentration up to photoinitiator
concentration of 1.0 phr was mainly due to a higher rate of decrease of the polar component.

Table 6. Dispersive and polar components of the total surface energy using water and diiodomethane
as probe liquids.

Sample Designation γt (mJ·m−2) γd (mJ·m−2) γp (mJ·m−2)

kUV,0.2,15 42.06 33.83 8.23
kUV,0.4,15 40.29 32.64 7.65
kUV,0.6,15 38.89 31.95 6.94
kUV,0.8,15 37.26 31.50 5.76
kUV,1.0,15 35.45 30.14 5.31
kUV,1.5,15 34.55 28.89 5.66
kUV,0.2,30 40.68 33.20 7.48
kUV,0.4,30 39.99 32.88 7.11
kUV,0.6,30 38.20 31.60 6.60
kUV0.8,30 36.82 30.89 5.93
kUV,1.0,30 35.00 29.51 5.49
kUV,1.5,30 34.11 28.26 5.85

In the polymer under study, polystyrene and the midblock 1,4 polybutadiene were
non-polar while midblock 1,2 vinyl insertions contributed mainly to the polarity. This
was due to the presence of sp2 hybridised carbon atom attached to sp3 hybridised carbon
atom in the pendent vinyl groups. The faster rate of decrease of the polar component
was then attributed to the disappearance of the pendent vinyl groups from the midblock
polybutadiene during the process of crosslinking.

Also, with an increase in the photoinitiator concentration up to 1 phr, the total surface
energy as well as the polar component, both decreased. Had there been residual photoini-
tiator, which was polar in nature due to the presence of carbonyl group and 4, 4′ hydroxy
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substitutions present on the surface of the polymer after crosslinking had taken place, then
the polar component would have increased. This only happened at 1.5 phr.

This study conclusively revealed that with an increase in photoinitiator concentration
up to 1 phr, more vinyl groups participated in photocrosslinking, with no residual pho-
toinitiator remaining on the surface. A marginal increase in the polar component at 1.5 phr
was attributed to some residual photoinitiator remaining unreacted at this concentration.

This unreacted mass was the reason behind failure through crack propagation. That is
why the modulus value increased up to 1 phr and then decreased in all the cases.

Finally, it can be said that the polar component would not have decreased to such an
extent or might have marginally increased, if, during the process of crosslinking, aerial
oxidation would have occurred through which some carbonyl groups would have been
formed. Thus, no such event markedly happened during the process.

3.4. SEM Studies on the Surfaces

Surface analyses were performed by scanning electron microscopy to understand
the surface changes due to irradiation. Figure 12a,b show the surface photomicrographs
of 15 s and 30 s UV-exposed polymer samples respectively at 1.5 phr of photoinitiator
concentration.
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Figure 12. Surface photomicrographs of 15 s (a) and 30 s (b) UV-exposed polymer samples at 1.5 phr of photoinitiator
concentration.

It was observed that the 15 s exposed sample showed the formation of some micro
surface cracks which were much more pronounced in the case of the samples exposed for
30 s. From these observations it was inferred that along with the process of photoinitiator
induced crosslinking which enhanced the tensile properties, photodegradation of the
surface also occurred simultaneously under the condition of irradiation with UV light of
given intensity and frequency. This resulted in the breakage of polymer bonds producing
fragments [32]. Thus, the samples exposed to higher time, i.e., 30 s showed marginally
lower tensile strength and modulus at equivalent photoinitiator concentrations when
compared with the samples irradiated for 15 s.

4. Conclusions

The effects of ultraviolet radiation on the mechanical properties of a high vinyl SBS
block copolymer were studied. The process variables were time of exposure to ultraviolet
radiation and photoinitiator concentration in the polymer matrix at a fixed predetermined
distance from the UV lamp.

The polymer showed positive reactivity towards ultraviolet radiation in the frequency
range 250–350 nm in the presence of 4, 4′dihydroxybenzophenone as the photoinitiator.
Both tensile strength and modulus showed improvement upon treatment with ultraviolet
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radiation over the control sample without any UV treatment. Even with an improvement
over the control sample, the ultimate tensile strength decreased as a function of photoini-
tiator concentration while the modulus at 100, 200 and 300% increased from 0.2 to 1.0 phr
of the photoinitiator concentration and then decreased at a concentration of 1.5 phr.

Inner shielding effect and some intramolecular cyclization were responsible for the
reduction in the tensile properties. The overall balance of properties was thus a compromise
between effective crosslinking and photoinduced degradation. The best results were
obtained at a lower exposure time of 15 s and a photoinitiator concentration of 1 phr.

This study was purely experimental with an incorporated photoinitiator only, deliber-
ately avoiding the use of any photosensitizer. This yielded instances of micrometer-thick
crosslinking only. This very small thickness was effectively ascertained using a novel but
very simple sol–gel experiment.

Further research aims in using a suitable photosensitizer along with the photoinitiator
of interest.
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Abstract: The present study investigates different elastomers with regard to their behavior towards
liquids such as moisture, fuels, or fuel components. First, four additively manufactured materials
are examined in detail with respect to their swelling in the fuel component toluene as well as in
water. The chemical nature of the materials is elucidated by means of infrared spectroscopy. The
experimentally derived absorption curves of the materials in the liquids are described mathematically
using Fick’s diffusion law. The mechanical behavior is determined by uniaxial tensile tests, which
are evaluated on the basis of stress and strain at break. The results of the study allow for deriving
valuable recommendations regarding the printing process and postprocessing. Second, this article
investigates the swelling behavior of new as well as thermo-oxidatively aged elastomers in synthetic
fuels. For this purpose, an analysis routine is presented using sorption experiments combined with
gas chromatography and mass spectrometry and is thus capable of analyzing the swelling behavior
multifacetted. The transition of elastomer constituents into the surrounding fuel at different aging
and sorption times is determined precisely. The change in mechanical properties is quantified using
density measurements, micro Shore A hardness measurements, and the parameters stress and strain
at break from uniaxial tensile tests.

Keywords: swelling; absorption; infrared spectroscopy; mass spectrometry; gas chromatography;
mechanical behavior; synthetic aviation fuels; 3D printed elastomers

1. Introduction

Nowadays, polymers are used in a wide range of applications such as hoses, sealings,
and membranes, where they come into contact with various surrounding liquids such as
water [1,2], oils [3], acids [4], organic solvents [5], and fuels [6,7]. Polymers tend to swell,
i.e., to absorb liquids, which is usually associated with an increase in volume. This leads
not only to a change in physical parameters such as density and hardness but also to a
change in mechanical properties.

The present paper investigates the swelling behavior of soft elastomers on the basis of
various aspects. Firstly, attention is paid to the swelling behavior of additively manufac-
tured soft polymers. The new additive manufacturing processes not only expand their field
of application but also raise fundamental questions about the optimal choice of printing
process parameters. The present study on the swelling behavior represents an enormously
important step in the analysis of the additive manufacturing process. The printed end
product differs greatly depending on whether a wet or dry filament was printed. Only the
knowledge of how to set the correct printing parameters enables an optimal printing result.

The application of soft polymers in sealings and hoses, especially fuel-conveying
hoses, motivates the further part of the presented study. Here, pristine as well as thermo-
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oxidatively aged elastomers are subjected to a study on their swelling behavior. The
concrete question is ultimately the operational stability of fuel hoses in which new types of
synthetic fuels are conveyed. The diffusion of fuel components into the polymer as well as
the diffusion of polymer components into the surrounding liquid are investigated in detail
in this study. The influence of swelling on the mechanical properties before and after aging
is quantified in detail.

2. Swelling Behavior of Additively Manufactured Soft Polymers in Water and in the
Fuel Component Toluene

Additive manufacturing (AM) gradually comes into focus for the fabrication of func-
tional parts. With respect to soft polymers, the limitations of the AM technologies regarding
both the type and the nature of the employed materials hinder the use of conventional
elastomers. Instead, 3D printers may operate with other types of existing materials as
well as with newly developed ones. AM parts show significantly different mechanical
properties compared to the same parts produced with conventionally produced elastomers,
e.g., natural rubber. Therefore, generating knowledge on this subject is a fundamental
step toward understanding the mechanical behavior of these materials from 3D printing
processes and the feasibility of their applications. This contribution aims to give a brief
overview of the additive manufacturing of elastomers and to show the influence of liquid
media, such as moisture and fuels, on the printing process as well as on the subsequent
application. Regarding their chemical composition, the investigated materials are ini-
tially analyzed, while the focus of this work lies on swelling tests with water and toluene
followed by uniaxial tensile tests.

2.1. Elastomers in the AM Scenario

Popularly known as 3D Printing, the origins of AM are associated with the prototyping
industry. Nevertheless, it has become a more and more interesting alternative for the
production of parts with technical applications in addition to conventional manufacturing
methods, such as machining and injection molding. The layer-wise process of joining
materials to form parts from 3D model data allows a less wasteful, on-site manufacturing
along with the exemption of individual tooling and reduction of postprocessing [8–10]. AM
is particularly advantageous for the small-scale fabrication of small and complex custom-
made parts. As considerable progress is constantly achieved, not only on the technologies
themselves but also on the employed materials, a wider range of products and applications
is increasingly allowed.

In this context, we can find the elastomers. Several current technologies are able to
print parts based on rubber-like materials. It is important to point out, though, that every
AM technology demands a specific type and nature of material, which generally does
not allow the use of traditional, vulcanized rubber. One of the main reasons is that the
vulcanization process cannot easily be transferred to AM. Some technologies, however,
allow the use of conventional liquid silicone rubber. Alternatively, thermoplastic elastomers
(TPEs) and photopolymers are employed in the printing of soft, elastic components.

One of the downsides associated with those alternative materials is typically the
still inferior mechanical behavior [11,12] in terms of operational performance and service
life compared to conventional materials. The combination of large deformations with
complete recovery at a required demanding stress along with long-term stability is not
always fully feasible, for instance. Nevertheless, the continuous development in material
science changes the everyday scenario; materials are improved, and new ones are created
with the purpose of enhancing the mechanical properties. At the moment, research on
such materials is of considerable significance in order to generate both knowledge and a
better understanding of their behavior from an engineering point of view. In this way, it is
possible to be aware of the properties of current materials for AM of elastomeric parts and
help in the optimization of the related printing processes, so that they can also be of use in
functional parts instead of being limited to prototyping and demonstration.
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Some of the today’s AM technologies that are able to process elastic materials are fused
filament fabrication (FFF), PolyJet, and liquid additive manufacturing (LAM), which are
explored in this section and sketched in Figure 1. FFF—also denoted by the trademarked
name fused deposition modeling (FDM) by the company Stratasys®—is one of the most
popular, low-cost AM processes. In this technology, the material in filament form is fed
through a heated nozzle up to melting and pushed in it by a motor, characterizing the
deposition by means of extrusion, after which the material cools down and solidifies
into the desired geometry. Since this process demands the use of thermoplastics, TPEs
are the choice for the printing of elastomeric parts. PolyJet is a material jetting process,
working similar to a standard 2D inkjet printer and equipped with multiple nozzles. These
nozzles deposit droplets of photopolymers that are then cured by exposure to UV light.
The LAM technology is based upon the extrusion of a liquid or high-viscosity material
onto a build plate, where the two-part component materials are mixed in a screw-like
manner right before the deposition. Then, heat is provided to carry out the crosslinking by
thermal energy.

(a) (b) (c)

Figure 1. AM processes for (a) fused filament fabrication (FFF), (b) PolyJet, and (c) liquid additive manufacturing (LAM).

Overall, AM is a relatively young manufacturing process in the elastomeric field that
has a lot to be explored, although very promising. Both the market and the industry can
benefit themselves not only with the fabrication of new parts on demand, reducing ware-
housing costs, but also with the faster replacement of damaged components, particularly
those discontinued by original manufacturers. Despite being more cost-effective for small
batch sizes, the evolution of the technologies and materials helps in gradually enabling
the use of AM for mass production at a competitive market price in comparison with the
traditional fabrication methods. Nevertheless, ensuring the quality of the final printed part
is imperative to establish AM in the field of rapid manufacturing.

2.2. Overview of the Investigated 3D Printed Elastomers

The following subsections present chemical and mechanical investigations for 3D
printed elastomers of three main types of currently available materials: liquid silicone
rubber (LSR), thermoplastic polyurethane (TPU), and photopolymers. There are four
printable materials of interest for this research. SILASTIC™LC 3335, supplied by Dow®

(Midland, MI, USA) is a two-component viscous silicone with a hardness of 50 Shore
A and printed with the LAM process in an innovatiQ’s LiQ 320 printer (Feldkirchen,
Germany). The second material is Filaflex 70 A, a TPU from company Recreus (Elda,
Spain), with a hardness of 70 Shore A.Using this material, parts can be manufactured by
a FFF process, which was performed in an Original Prusa i3 MK3S+ 3D printer (Prag,
Czech Republic) for this work. The third and fourth materials can be processed with the
PolyJet technology. They consist of the same type of photopolymer of resinous material
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with the name TangoBlackPlus combined with VeroClear (referred here simply as Tango+),
supplied by Stratasys® (Rechovot, Israel), but vary in hardness with 70 and 50 Shore A,
respectively. For those, a Stratasys® Object500 Connex3 printer (Material Jetting—MJ) was
used. Table 1 shows some of the mechanical properties of these polymers according to the
supply companies. All samples were printed with a 100% infill. A 90°-line orientation was
used for LSR and TPU, and drops were applied for Tango+.

Table 1. Properties of investigated materials provided by the manufacturers.

Property SILASTIC Filaflex 70 A Tango+ 70 Tango+ 50

Hardness [Shore A] 50 70 70 50
Tensile Strength [MPa] 9.5 32 3.5–5.0 1.9–3.0
Elongation at Break [%] 480 900 65–80 95–110

Printing Technology LAM FFF MJ MJ

A chemical characterization was performed using infrared (IR) spectroscopy. The
changes in weight caused by moisture absorption and exposure to toluene were investi-
gated by means of water uptake and solvent absorption tests. At last, tensile tests allowed
comparisons of the mechanical properties of the different elastomer samples before and
after the water uptake tests. For the solvent absorption tests, however, no tensile properties
were able to be evaluated since the intense toluene swelling damaged the samples.

2.3. Chemical Composition Analysis via IR Spectroscopy

To characterize the polymers, Fourier Transform infrared spectrometer (FTIR) spectra
were recorded with an attenuated total reflectance (ATR) unit. The measuring device was
a Bruker Tensor 27 with Platinum ATR and 32 scans were taken per sample in the range
between 400 and 4000 cm−1 with a resolution of 4 cm−1. Figure 2 shows the IR spectra of
the four above mentioned polymers.

Figure 2. FTIR spectra for SILASTIC, Filaflex 70 A, Tango+ 70, and Tango+ 50.

The absorption bands for the silicone SILASTIC at 1065 and at 1007 cm−1 are assigned
to the Si-O-Si backbone. The bending band of the Si-CH3 is found at 1260 cm−1, and
the coupling stretching of Si-C and rocking band of -CH3 is assigned at 788 cm−1. The

166



Polymers 2021, 13, 4402

absorption band at 2962 cm−1 belongs to the stretching vibration of CH3. These determined
bands can be assigned to the specific bands of silicones [13,14].

The TPU Filaflex 70 A shows pronounced absorption bands at 2939 and at 2851 cm−1,
which are the characteristic bands of the aliphatic C-H asymmetric and symmetric stretch-
ing. In the range of 1105 cm−1, aliphatic ether groups are displayed. The spectrum also
exhibits bands at 1731 and at 1702 cm−1 due to free and hydrogen-bonded urethanic C=O
stretching. The band based on the N-H stretching vibration of the urethane amide was
observed at 3323 cm−1. The sharp band at 1530 cm−1 corresponds to the C≡N stretching
and N-H bending. The band at 1220 cm−1 is in accordance with the stretching vibration of
urethanic -C-(C=O)-O-. These observations indicate that the TPU used in this work is a
polyether polyurethane [13].

As the spectra of the Tango+ 70 and the Tango+ 50 are very similar, they are considered
together. Just like the TPU, Tango+ also shows the specific bands at 1530 and at 1240 cm−1

for urethane content. The band at 1710 cm−1 indicates the presence of both acrylate and
urethane. The characteristic bands of aliphatic C-H asymmetric and symmetric stretching
are in the range from 2956 to 2873 cm−1. This indicates that the Tango+ material used in
this study is a polyurethane acrylate [13,15].

2.4. Absorption Experiments with Toluene and Water

The geometries of tensile test specimens according to the Standard DIN 53504:2017-03-
S2 [16] for SILASTIC, Filaflex 70 A and Tango+ were used for the absorption experiments
carried out according to the Standard DIN ISO 1817:2016-11 [17] with the solvent toluene
and water. Prior to the absorption experiments, the test specimens were conditioned under
a standard climate (23 °C and 50% humidity), and the initial masses were determined. The
mass measurements were made using a SARTORIUS Secura® 225D-1S precision balance
with a range of 120 g and a resolution of 0.0001 g. Each specimen was then stored in a
screw glass containing 50 mL of toluene or water, respectively. After defined periods of
time, the sample was taken out, dried with a lint-free paper, and weighed. After this, it was
stored again in the solvent. To minimize the evaporation of the fluid out of the specimen,
special care was taken by an immediate weight measurement. Three specimens were used
for each material, and the results of the measurements were expressed in terms of the mean
average values and standard deviations

2.4.1. Absorption Test with Toluene as Solvent

Figure 3 shows the amount of toluene absorbed in relation to the initial mass in terms
of the percentage mass gain as a function of time. To account for Fickian diffusion, the
sorption times on the abscissa are reported as the square root of time t0.5. In the beginning,
an almost linear mass absorption takes place until the diffusion process slows down, and
finally, in the equilibrium state, the mass does not change anymore. The results indicate a
pronounced swelling of about 135% for SILASTIC and Filaflex 70 A. The saturation was
reached after 24 h (≈294 s0.5). The procedure applied to SILASTIC and Filaflex 70 A was
not suitable for the Tango+ materials. Tango+ 50 and Tango+ 70 were so heavily swollen
by toluene that they could not hold their shape and broke after 3.5 h (≈112 s0.5) and 4.5 h
(≈127 s0.5), respectively. This is due to their drop-like construction. Toluene accumulates at
the boundary surface of the droplets. This softens the bonding between the drops. Since
a little pressure already let the bonds break and, thus, the integrity of the samples was
jeopardized, the measurement was aborted.
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Figure 3. Absorption curves of the four AM polymers in toluene.

The solid lines in Figure 3 show the theoretical sorption curves normalized to the
initial mass calculated by iteratively fitting Equation (1) to the available measurement
data. This formula, solved with the method of least squares, describes an ideal model of
absorption in accordance with Fick’s Law [18], where Mt and M∞ represent the mass of the
absorbed solvent at the time t and in the equilibrium state, respectively, D is the diffusion
coefficient, h is the sample thickness, and n is the summation index.

Mt

M∞
= 1 − 8

π2

∞

∑
n=0

(
1

(2n + 1)2 exp
(−(2n + 1)2 π2 D t

h2

))
(1)

Figure 3 shows that toluene has different effects on the three polymer types used, due
to their different chemical structure. It can also be seen that SILASTIC and Filaflex 70 A
comply with Fick’s Law. As the complete testing was not possible for the Tango+ materials,
no statements can be made in this regard. However, attention must also be paid to the
printing parameters as they also influence the swelling behavior. Changing the infill
pattern, the degree of infill, or the number of perimeters leads to different absorption
properties.

2.4.2. Absorption Test with Water

The hygroscopic nature of the four chosen elastomeric materials was analyzed in a
Water uptake test. The results are plotted along with the fitted curves based on Fick’s Law
from Equation (1) in Figure 4. It can be observed that the photopolymers and the TPU are
particularly hygroscopic, while the LSR samples exhibit a much lower water uptake less
than 10% of the others. It can also be seen that the TPU follows Fick’s Law. No statement can
be made about the behavior of the SILASTIC material, as the individual measured values
scatter strongly in the initial range. In comparison with TPU, the two more hydrophilic
photopolymers Tango+ show a different absorption behavior: the polymer chains form
more hydrogen bonds with the water molecules and free unbound water molecules in the
voids between the chains show Fickian diffusion behavior [19].

A considerable part of the absorption for all materials occurs during the first hours
of the experiment; in the first 24 h, more than half of the saturation is already achieved.
This evidences the importance of the environment in functional applications. While water
does not play a major role in the conventional rubber-like material LSR, the same cannot
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be affirmed for the photopolymers and the TPU. In fact, it is already known that TPEs in
general are hygroscopic, which should be taken into consideration, notably before and
during the FFF printing process. Filaments with increased moisture levels lead to extrusion
failures and the generation of voids on the streaming, caused by steam formation on the
heated nozzle [20]. Moreover, depending on the printing environment and the exposure
time, the filament spools in use may constantly absorb air moisture. Figure 5 visualizes the
consequences of printing with a moist filament, which gives a surface that is more opaque
and with less uniform strand deposition than for geometries created with a dry filament.
The excess of material on the left-hand side of the printing with a dry filament (green) is
due to the accumulation of random start and end points of the deposition. Therefore, the
material should be properly stored not only before/after printing but also while the object
is being constructed to ensure good printing quality.
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Figure 4. Curves for water absorption evolution.

Figure 5. Influence of material condition prior to FFF printing on final geometry for a moist (red)
and a dried (green) Filaflex 70 A filament.
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2.5. Mechanical Behavior Analysis via Uniaxial Tensile Tests

The effect of moisture on the mechanical behavior of the printed samples was evalu-
ated by tensile tests on a Zwick Roell 1445 universal testing machine with a force sensor of
500 N and an optical extension sensor ProLine lightXtens 2-1000 at ambient temperature,
a preload of 0.1 MPa and a strain rate of 200 mm min−1, according to the Standard DIN
53504:2017-03 [16]. The stress–strain curves of the samples before and after the water
absorption test in the saturation state were measured. The average results of three samples
for each material and condition are displayed in Figure 6. The values for the ultimate
stress and the elongation at break can be found in Table 2. Due to the pronounced swelling
and the resulting low strength or breakage of the specimens, the tensile test after toluene
absorption was omitted.

Figure 6. Stress–strain curves until break for the four different AM polymers before and after
water absorption.

Table 2. Ultimate stress and strain at break before and after water absorption.

Condition Property SILASTIC Filaflex 70 A Tango+ 70 Tango+ 50

Before Stress [MPa] 11.69 ± 1.46 15.82 ± 1.62 3.73 ± 0.09 1.94 ± 0.02
water uptake Strain [%] 674.47 ± 59.10 575.02 ± 16.57 78.23 ± 0.50 105.93 ± 0.71

After Stress [MPa] 10.28 ± 1.23 14.57 ± 1.41 1.84 ± 0.02 1.35 ± 0.04
water uptake Strain [%] 636.61 ± 51.35 630.99 ± 26.93 69.05 ± 0.28 97.27 ± 3.70

The curves show a decrease in stiffness and ultimate stress for the photopolymers
Tango+, which is more pronounced for Tango+ 70 than for Tango+ 50. Indeed, there is a
decrease of 50% on the tensile strength for Tango+ 70, although the elongation at break
has a change of only 12%. For Tango+ 50, the tensile stress is lower by 31%, while the
elongation at break decreases by 8%. It could be inferred that the higher the hardness
for Tango+, the greater the effect of water saturation on the ultimate strength. Further
investigations could corroborate that hypothesis.
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Filaflex 70 A also shows that moisture influences its tensile properties. While the
stress decreases by only 8%, the elongation at break increases by 10%. This is due to
the hydrophilic character of the polymer chains. The water surrounds the chains like a
lubricant and allows them to slide off each other more easily when pulled. This results in a
higher elongation at break.

The LSR elastomer does not show any indication of alterations in the behavior before
water uptake and after water saturation. The deviations in the stress–strain curves can
be attributed to the variability of the individual samples in general. In fact, the small
influence on the tensile results could already be expected due to the low saturation content
for the LSR.

2.6. Intermediate Conclusions and Remarks

The present work explores the effects of absorption of toluene and water on three types
of available 3D printed elastomers: liquid silicone rubber, thermoplastic elastomer, and
photopolymer. Moreover, chemical analyses via IR Spectroscopy and mechanical analyses
via uniaxial tensile tests complement the investigations. The results reveal the intense
swelling response of all materials when exposed to toluene, while more diverse outcomes
are displayed for water absorption. Furthermore, not only the chemical composition of the
materials but also the nature of the printing technology have a direct impact on both the
absorption behavior and the mechanical performance.

It should be considered that the AM processes are subject to variations not only on
the tensile results but also on mechanical testing in general, according to the printing
conditions as well as the postprocessing. The LSR and the photopolymers, for example,
can go through a postcuring stage, increasing their stiffness; FFF printers allow the user
to change the path and the direction of the material deposition. AM can lead to greater
process deviations than the conventional and established manufacturing techniques. For
that reason, 3D printing optimization is one of the current challenges in order to deliver
functional parts in similar and reliable performance.

In addition, new materials emerge as a way to improve the quality of the printed
parts. Nevertheless, since AM is a flexible process, the printing of the geometry can always
be adapted to exhibit specific properties. As an example, we find the percentage of infill
influencing on the compression of the part. For elastomeric materials with higher hardness,
it is possible to increase the compressibility by decreasing the infill percentage. Figure 7
exemplifies that two geometrically identical cylinders printed with the same material
(SILASTIC, 50 Shore A) in different infill percentages of 25% and 50% exhibit distinct
performances when compressed with a force of 50 N.

The investigations presented here are a significant step toward the study of the feasibil-
ity of 3D printed elastomeric parts for technical applications. Knowledge on water uptake
and toluene absorption, for instance, is beneficial when deciding the printing material for a
defined geometry in a specific application. It can be noted that special attention must be
taken when using the studied photopolymers and TPU in water applications, as moisture
absorption cannot be neglected. Silicone could be better suited for moist environments, on
the other hand. The toluene absorption tests show the relevance on applications involving
contact with fuels, in which the silicone and the TPU revealed an intense swelling behavior,
while the photopolymers were not able to withstand the solvent. With such a piece of infor-
mation, the process of selecting the material and manufacturing options in AM becomes
accessible in future works.
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Figure 7. Compression of SILASTIC cylinders printed with infill percentages of (a) 25% and (b) 50%.

3. Swelling Behavior of Pristine and Thermo-Oxidatively Aged Elastomers in
Synthetic Fuel

Synthetic fuels are attracting considerable interest as alternative energy sources in the
aviation sector [21,22]. The main advantages are their high volumetric energy density and
renewable feedstocks. One of the crucial topics is a possibly different or adverse interaction
between the fuels and construction materials in the aircraft, in comparison to conventional
kerosene [23]. Especially soft materials, such as elastomers in sealings, tank hoses, and
linings, respond distinctly to fuel contact by swelling, extraction of plasticizers [24], and
a change in mechanical properties. So far, most studies focus on the interaction of fuels
with pristine elastomers. Graham et al. [6] investigated the influence of selected aromatics
blended in a synthetic jet fuel on the volume swell by correlation with partition coefficients
determined with gas chromatography/mass spectrometry (GC/MS). Blivernitz et al. [7]
developed a method for the simultaneous and time-resolved quantification of sorption
and extraction processes of individual model fuel components and elastomer additives via
GC/MS assisted sorption experiments. Acrylonitrile-butadiene-rubber (NBR) is a material
typically used for applications with nonpolar fuels and is part of many aircraft seals. With
long aircraft service times, especially in the military sector, the elastomer properties change
due to aging [25]. This contribution presents an advanced analytical method to study
diffusion processes of NBR in contact with liquid media after thermo-oxidative aging. The
focus lies on an in-depth understanding of the diffusion processes of single substances
and substance classes in model and real fuels by gas chromatography/mass spectrometry
combined with mechanical testing.

3.1. Kerosene and Synthetic Aviation Fuels

Up to now, conventional kerosene, such as Jet A-1, made from non-renewable crude
oil, is the main energy source in the aviation sector [22]. To tackle the environmental
crisis by reducing the CO2 emissions and saving resources, innovative solutions are re-
quired. Although other technologies such as hydrogen or fuel-cell-powered [26] and
battery-electric aircrafts [27] are considered and in development, synthetic aviation fuels
are the most important alternative energy source at the moment [28]. The advantages of
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liquid fuels are their high gravimetric and volumetric energy density and the potential
to use existing aircraft and infrastructure. Furthermore, the competing technologies need
further improvements to become competitive, but finally a mix of technologies must be
considered and tailored to the respective applications. Liquid aviation fuels in a chemical
view are composed of different hydrocarbon classes: linear alkanes, branched isoalkanes,
cycloalkanes, and aromatics [29]. The fuel properties are highly dependent on the chemical
composition and the distribution of the hydrocarbons. While conventional kerosene con-
tains aromatic substances, certain types of the synthetic fuels do not. Because the aromatic
hydrocarbons increase the swelling for a lot of elastomers, there are mainly three strategies
to meet the specified range of 8–25 vol% aromatics in fuels: First, blend aromatic-free fuels
with petroleum-derived kerosene [30,31]; second, add aromatic additives; or, third, design
processes to produce so-called drop-in fuels, which are synthetic fuels with aromatics and
capable of replacing kerosene equally. All relevant parameters for conventional kerosene
are specified in the Standard ASTM D1655 [32] and Defence Standard 91-091 [33]. To stay
abreast of the current developments regarding synthetic fuels from various renewable
feedstock, the Standard ASTM D7566 [34] and Annex D of Defence Standard 91-091 [33]
were established. The specification process for new fuels is strictly regulated [35], because
of the high safety standards in the aviation sector.

3.2. Testing the Interactions of Elastomers with Synthetic Fuels

However, some fuels are already certified and tested thoroughly. Apart from fulfilling
the fuel specifications, the ongoing challenge is material compatibility, since liquid fuels are
in contact with soft elastomeric materials such as sealings, tank hoses, and linings. The next
decade is likely to witness a considerable rise in the demand for synthetic fuels attributable
to the ambitious goals of different advocacy groups. The aim of the International Air
Transport Association (IATA) is to reduce global aviation-caused CO2 emissions by 50%
relative to the level of 2005 until 2050 [36]. One intermediate goal in Germany is to achieve
a 2% synthetic fuel stake by 2025 [37]. On account of its multidisciplinary nature, there is
an immense potential to investigate this topic experimentally. For instance, fuel properties,
the chemical and physical aging of elastomers with fuel contact [38], and swelling and
diffusion phenomena [3] may be investigated. The swelling of the elastomer can also be
simulated using constitutive models [39]. On a bigger scale, fuel-burning tests [40] or
ultimately flight tests are conducted. Regarding material compatibility, mechanical studies
are essential to investigate the tightness of seals [41], leakage due to shrinkage, when
refueling or mechanical properties in dependence of the swelling status [42]. Whereas
previous work is often limited to the interactions of pristine elastomer with fuels or fuel-like
substances, the current study aims to estimate long-term effects by conducting experiments
with pre-aged elastomers.

3.3. Experimental Part

Carbon black filled and stabilized NBR with a ready-to-use formulation containing
18 wt% acrylonitrile is used here, cf. Table 3. It contains further carbon black N550
(60 phr), the plasticizer DEHP (20 phr), the antioxidant 6PPD (2 phr), sulfur (2 phr) and
vulcanizing agents, and the composition are the same as in a previous study [7]. Dumbbell-
shaped specimens (S2) with a thickness of 1.2 mm are aged thermo-oxidatively, in a
Binder ED56 oven with natural convection at 120 °C for three and seven days, without
mechanical load. Applied Research Associates (ARA) produces the synthetic jet drop-in
fuel ReadiJet™ used here. Chemically, it is a complex mixture of hydrocarbons similar
to the conventional kerosene Jet A-1 with an aromatics content of 21.2 vol% measured
according to Standard ASTM D1319-20a [43] and a density of 0.823 g cm−3 [29,30] and is
used as the immersion fluid.
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Table 3. Composition of the investigated NBR18 elastomer.

Component Content/phr

Perbunan 1846 100
Di(2-ethylhexyl) phthalate (DEHP) 20
N-(1,3-dimethylbutyl)-N’-phenyl-p-phenylenediamine (6-PPD) 2
Carbon black (type: N550) 60
Zinc oxide 5
Stearic acid 1
Sulfur 2
N-Cyclohexyl-2-benzothiazole sulfenamide (CBS) 1.5
TMTM-80 1 0.5

1 80% tetramethylthiuram monosulfide, 20% elastomer binder and dispersing agents.

3.3.1. Testing Procedure

Each sample was tested as a threefold measurement. Samples are pristine or aged
for 3 d as well as for 7 d at 120 °C. For clear identification purposes, the specimens were
marked clearly with cut-off edges. At first the samples were weighed, and their thickness
was measured. The samples were then immersed in ReadiJet and taken out after distinct
sorption times of 30 min (=42 s0.5), 2, 6, 24, 48, and 72 h and one week (=778 s0.5) (see
Figure 8 (1)). To account for Fickian diffusion, the sorption times on the abscissa are
reported as the square root of time t0.5. In other elastomer–fuel combinations, longer or
shorter storage times in the fuel are possibly needed, depending on their compatibility.
After the samples were taken out, they were dipped quickly in low boiling benzine 40/60
to remove adhering fuel, dried with a lint-free paper cloth, and then weighed again (2)
to determine the mass change. Subsequently for GC/MS analysis, small pieces of ≈8 mg
were punched out (3) and stored (4) in 2 mL GC vials that were filled with 1 mL acetone
previously to extract the absorbed substances. To transfer the sample as quickly as possible
into the vial, a funnel fixed to a stand was used. In the following step, the density using
the Archimedes principle (5), micro Shore A hardness (6), according to Standard ISO 7619-
1:2010 [44] and tensile properties such as stress at break and elongation at break according
to Standard DIN 53504:2017-03 [16] were determined (7). In this case, the solid–liquid
extraction of the absorbed substances in acetone was complete in two days. The acetone
extract is then analyzed with GC/MS (8) described in the next subsection. To reduce
the evaporation of the fuel, it is advisable to conduct the experiments immediately. For
short times, the specimens may be covered in plastic bags to bridge transport times. The
weighing was performed at the SARTORIUS precision balance mentioned in Section 2.4.
Volume and density were determined using the Archimedes principle with the kit VF 4601
from SARTORIUS. The hardness was measured with a digi test II, by bareiss® equipped
with a micro Shore A hardness test head. Tensile tests were conducted with the universal
testing machine used in Section 2.5. The samples were not preconditioned under cyclic
load to preserve the secondary network, formed by aging-induced oxidative crosslinking.
The strain rate is 0.167 s−1 = 200 mm min−1, respectively.
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Figure 8. Versatile testing procedure of pristine and aged elastomer samples in contact with synthetic fuel.

3.3.2. Gas Chromatography/Mass Spectrometry (GC/MS)

An Agilent 7890A gas chromatograph coupled with an Agilent 5975 MSD mass
spectrometer was used to perform the GC/MS analysis. The column was a 30 m DB-5MS
(0.25 mm inner diameter, 0.25 µm film thickness). The GC oven was heated with 50 K min−1

from 50 to 320 °C and held for 5 min at 320 °C. By reason of the chemical diversity of fuels,
a defined surrogate fuel was prepared and used to calibrate and quantify the aromatics
content of unknown samples. First, a mixture (AroMix) with a distribution of aromatic
hydrocarbons, comparable to JP-8 jet fuel, was prepared by mixing 25:53:22 vol% of the
aromatic liquids 100, 150, and 200 provided by Exxon [45,46]. An aromatic-free coal-to-
liquid (CtL) fuel from Sasol was then blended with 10, 30, 50, 70, and 90 vol% of AroMix
to yield the surrogate fuels, which were used as calibration standards for determining
the aromatics content. Definite mass-to-charge ratios m/z of mass spectra signals were
characteristic of aliphatic or aromatic hydrocarbons. Their signal intensities are referred
to as Im/z,aliph and Im/z,aro. After the GC/MS analysis of the standards, the respective
characteristic intensities were added up in the retention time range of the fuel. Then, the
sum of aliphatic signals Im/z,aliph was set in relation to the sum of aromatic and aliphatic
hydrocarbons Im/z,sum according to Equation (2). The ratio Im/z,aliph/Im/z,sum was plotted
versus the aromatics content v of the standard solutions in vol% to yield the calibration
graph [46] (see Figure 9):

Im/z,aliph

Im/z,sum
=

∑9
i=1 Im/z,aliph,i

∑9
i=1 Im/z,aliph,i + ∑7

i=1 Im/z,aro,i

m/z, aliph = 41, 55, 57, 69, 71, 83, 85, 97, 99 n = 9 (2)

m/z, aro = 91, 105, 115, 119, 120, 128, 142 n = 7
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Figure 9. Calibration graph.

It is important that the concentration of the standards is in the same range as the
samples. Furthermore, it is beneficial to analyze independent samples with known aro-
matics content additionally to verify the calibration. The additives DEHP and 6PPD were
quantified with external standards of the pure substances in acetone in appropriate concen-
trations. The known concentrations were plotted versus the peak areas of the additives in
the chromatogram to obtain the calibration graph and function [47].

3.3.3. Results

In the following section, the results are shown in dependency on the aging history
and sorption time. Pristine samples are represented by light grey (©), aged samples for
3 days at 120 °C by dark grey (C), and 7 days at 120 °C by black color (�). In Figure 10, the
results from density measurements and the calculated volume change (A), micro Shore A
hardness (B), elongation at break (C), and the stress at break (D) according to the procedure
in Figure 8 are shown.

Before the samples are immersed (t0.5 = 0 s0.5), the impact of the aging is evident.
The material becomes harder, denser, and thus less resilient with longer aging time. The
density increases 5.6% from 1.16 to 1.225 g cm−3 after aging for 7 days at 120 °C compared
to the pristine sample. Causes for that are volume shrinking due to the loss of additives,
and a mass gain, because of oxygen binding to the elastomer. The mass gain is detectable
by weighing when elastomers without volatile additives are thermo-oxidatively aged at
elevated temperatures. With proceeding sorption time (t > 0 s0.5), the density decreases,
whereas the volume increases due to fuel uptake until the swelling equilibrium is reached.
The volume increase is less pronounced for the aged samples, because the polymer chains
of NBR form a secondary network, when they react with oxygen at elevated temperatures
due to crosslinking [48]. The increased crosslink density restricts the intake of fuel into
the elastomer. In the swelling equilibrium (t0.5 = 778 s0.5), the volume increase is 23.5%
smaller for the aged sample (7 d 120 °C) compared to the pristine sample. In addition, the
micro Shore A hardness, the elongation at break, and the stress at break decrease with
progressing sorption time due to the uptake of fuel and the extraction of the additives. For
the aged samples, the change in the properties is smaller because less fuel is absorbed by
the elastomer.
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Figure 10. (A) Density and calculated volume change, (B) micro Shore A hardness, (C) elongation at break, and (D) stress at
break according to the procedure in Figure 8 (step 5–7) in dependency on sorption time t0.5. Samples: light-grey circles ©:
pristine; grey triangles C: 3 d 120 °C; black squares �: 7 d 120 °C.

The contents of the additives DEHP and 6PPD and the fuel ReadiJet, which are present
in the elastomer in dependency on the sorption time, are reported in Figure 11A. DEHP
and 6PPD are quantified with the external calibration, and the absolute contents are related
to the filled elastomer mass m0 without any further soluble additives. The overall mass
change is determined by weighing the sample before and after the immersion in the fuel. It
is evident that the changes in the sample mass during the sorption process is caused by
the uptake of fuel into the elastomer and simultaneous desorption of the additives DEHP
and 6PPD into the fuel which surrounds the NBR sample. Since the overall mass change is
a convolution of both processes, it is corrected to only yield the mass uptake of ReadiJet
by subtracting the known initial contents of DEHP and 6PPD from the initial elastomer
mass: m0 = mel+additives · (1 − wDEHP,0 − w6PPD,0). Details of this method are shown by
Blivernitz et al. [46,47].
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Figure 11. (A) Uptake of ReadiJet and desorption of DEHP and 6PPD, (B) aromatics content according to the procedure in
Figure 8 (step 8) in dependency on sorption time t0.5. Samples: light-grey circles ©: pristine; grey triangles C: 3 d 120 °C;
black squares �: 7 d 120 °C.

As described previously, the aromatics content of the absorbed liquid phase in the
elastomer was quantified, as one can see in Figure 11B. The graph shows that the relative
aromatics content in the equilibrium is higher than in the surrounding fuel. Whereas the
neat ReadiJet contains 21.2 vol% aromatics, the liquid phase in the pristine sample contains
34.4 vol% aromatics at equilibrium. This is due to the higher affinity of aromatics towards
NBR, which originates in interactions between the nitrile group of NBR and aromatic elec-
trons [49]. At the beginning of the sorption (36.6 vol%), there is even a higher enrichment
of the aromatics. When the elastomer is pre-swollen by aromatics, the other substances
also enter the elastomer more easily so that there is a relative decrease in the aromatics
content towards the equilibrium. The aromatics content also changes with proceeding
sorption time and is different for pristine (34.4 vol%) and aged samples (39.1 vol%). With
increasing aging time, the crosslinking and polarity of NBR is increased, making it harder
for the fuel to enter the elastomer. Therefore, when the swelling is inhibited, the aromatic
hydrocarbons are more enriched due to their high affinity toward NBR.

3.4. Intermediate Conclusions and Remarks

The properties of NBR deteriorate when the elastomer ages, which is expressed
through its increased hardness and density as well as its decreased elongation and stress at
break. The interaction of the elastomer with the synthetic fuel dynamically leads to a further
change in its properties in dependency on the absorbed fuel. For aged elastomers, the fuel
uptake is reduced. Gas chromatography coupled with mass spectrometry (GC/MS) adds
valuable chemical information to the mechanical testing results. It allows one to separate the
overall mass change into the uptake of fuel and the desorption of additives. Furthermore, it
is possible to analyze the composition of the absorbed liquid in the elastomer with respect
to its chemical nature. In the near future, a significant rise in the demand of synthetic fuels
is expected, which makes this topic interesting to investigate experimentally.

4. Conclusions and Outlook

The swelling behavior of soft polymers is of great interest in the wide applications
of elastomeric materials. The presented studies investigates the water, the fuel, and the
fuel component toluene uptake using versatile testing methods. The first study highlights
the pronounced swelling capability of several state-of-the-art additively manufactured
materials depending on the solvent. As expected, the absorption of toluene is consider-
ably more pronounced and reaches double the original weight (>100% mass gain). The
absorption of water, on the other hand, reaches <5% but is of just as much interest, since
water is omnipresent due to humidity and directly influences the printing result. For the
additive manufacturing process, a concrete comparison between dry-printed material and
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wet-printed material is presented. Furthermore, the aspect of thermo-oxidative aging is
investigated while the swelling behavior of pristine and aged elastomers in synthetic fuel
ReadiJet is quantified. The characterization includes new experimental strategies such as a
combination of sorption experiments with gas chromatography and mass spectrometry to
precisely analyze the diffusion process from the surrounding liquid in and additives out of
the elastomer. The quantified change in density and volume, the change in Shore hardness
and the change in mechanical properties (elongation and stress at break) via tensile test
highlight their need for experimental investigation.
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FFF Fused Filament Fabrication
FTIR Fourier Transform Infrared Spectrometer
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LAM Liquid Additive Manufacturing
LSR Liquid Silicone Rubber
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Abstract: The experimental investigation of viscoelastic behavior of cyclically loaded elastomeric
components with respect to the time and the frequency domain is critical for industrial applications.
Moreover, the validation of this behavior through numerical simulations as part of the concept of
virtual prototypes is equally important. Experiments, combined measurements and test setups for
samples as well as for rubber-metal components are presented and evaluated with regard to their
industrial application. For application in electric vehicles with relevant excitation frequencies substan-
tially higher than by conventional drive trains, high-frequency dynamic stiffness measurements are
performed up to 3000 Hz on a newly developed test bench for elastomeric samples and components.
The new test bench is compared with the standard dynamic measurement method for characterization
of soft polymers. A significant difference between the measured dynamic stiffness values, caused
by internal resonance of the bushing, is presented. This effect has a direct impact on the acoustic
behavior of the vehicle and goes undetected by conventional measurement methods due to their
lower frequency range. Furthermore, for application in vehicles with internal combustion engine,
where the mechanical excitation amplitudes are significantly larger than by vehicles with electric
engines, a new concept for the identification of viscoelastic material parameters that is suitable for the
representation of large periodic deformations under consideration of energy dissipation is described.
This dissipated energy causes self-heating of the polymer and leads to the precocious aging and
failure of the elastomeric component. The validation of this concept is carried out thermally and
mechanically on specimen and component level. Using the approaches developed in this work, the
behavior of cyclically loaded elastomeric engine mounts in different applications can be simulated to
reduce the time spent and save on the costs necessary for the production of prototypes.

Keywords: engine mount; elastomer characterisation; experimental testing; resonance frequency;
dynamic stiffness; parameter identification; electrodynamic shaker; test bench; cogging torque;
synchronous machine

1. Introduction

The development of technically advanced vehicles or machines requires consideration
of their surrounding components and of several different effects. Since electric vehicles have
become established products, the focus of manufacturers is shifting to improving driving
comfort. Elastomeric mounts in electric vehicles carrying motors experience loads with
small amplitudes that can be applied at high frequencies. The bushings in conventional
vehicles with internal combustion engines are, however, exposed to vibrations with large
amplitudes in the lower frequency range. Nowadays, to decrease development costs, it
is necessary to develop a concept of virtual prototypes. While the required amount of
measurements decreases significantly by using virtual prototypes, some experiments are
still necessary on the sample level for the identification of parameters for material models
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and on a component level for the validation of virtual prototypes. The material behavior
of elastomeric samples or components loaded by cyclic loading is dependant on multiple
factors, for instance, the static preload, frequency of the loading, dynamic amplitude, ageing
condition, ambient temperature, self-heating, loading history and production instabilities.
For each specific problem, with regard to the applicability and economical attractivity,
different factors should be considered.

Investigations considering nonlinear viscoelasticity in the time and frequency domain
can be found in Hausmann and Gergely [1], De Cazenove et al. [2], Nguyen [3] and
Suphadon et al. [4], among others. Detailed descriptions of the dynamic mechanical thermal
analysis (DMTA) can be found in Ehrenstein et al. [5] or Wollscheid [6]. A significant
part of the noise-vibration-harshness (NVH) behavior of electric motor, called cogging,
has been studied by Neapolitan and Nam [7], Hanselman [8] and Jagasics and Vajda [9].
Cogging occurs at much higher frequencies than the vibrations caused by unbalance
of the rotor of synchronous machines. Lion and Johlitz [10] have shown that internal
resonance of elastomeric motor mounts and cogging occur in roughly the same frequency
range. Dynamic measurements in audible frequency range are presented in publications of
Haeussler et al. [11], Koblar and Boltezar [12], Kari [13,14] and Ramorino et al. [15].

The characterisation of viscoelastic material behavior is the subject of ongoing re-
search, in which Tárrago et al. [16] investigated the properties of elastomeric bearings
in radial and axial direction under small amplitudes. Regarding the self-heating be-
havior, Behnke et al. [17] used uniaxial multi-stage tests for characterisation, whereas
Kyei-Manu et al. [18] and Suphadon et al. [19] applied the cyclic stretching process with
different predeformations. Mars and Fatemi [20,21] combined axial and radial cyclic loads
while identifying material parameters. Carleo et al. [22] stated that, over the range of strains
and strain rates that rubber-based automotive components are expected to operate in, the
filled vulcanized elastomers exhibit strong nonlinearity and large hysteresis. Further possi-
bilities for identifying parameters are, apart from the FEM, used by Gil-Negrete et al. [23],
and the evaluation of measured temperature fields has been done by Balandraud et al. [24],
Marco et al. [25] and Glanowski et al. [26].

First, the standardized DMTA is presented. The main advantages, possibilities and
requirements of this useful measurement method are described. Additionally, measurements
and the mastercurve according to time temperature shift (TTS) principle by Williams et al. [27]
are shown.

For applications regarding electric vehicles, the complex NVH behavior necessitates
advanced testing procedures in the frequency domain. Next, the new high-frequency test
bench and its design are presented. The results from the test bench for dynamic stiffness
(TBDS) are compared with the standard mastercurve. Their deviations as well as the need
for such measurements for the aforementioned application are discussed along with the
effects undetected by the DMTA.

Furthermore, the material characterisation approach in the time domain, with a slightly
different application in vehicles with an internal combustion engine, focused on self-heating
caused by dissipated energy during cyclic loading, is presented. The experimental setup
is motivated, described and the measurement results are presented. The viscoelastic
parameters of one characteristic hysteresis are identified through combined measurements.
Finally, the validation of the identified parameter set of a component is performed and the
results of the validation are discussed.

2. Dynamic Mechanical Thermal Analysis (DMTA)

Dynamic mechanical thermal analysis is a method to investigate dynamic material
characteristics by subjecting specimens to periodic, typically sinusoidal, oscillations of
small amplitude, usually under preload.

Generally, there are two ways to perform DMTA measurement:

• applying a predefined deformation and measuring the stress response
• applying a predefined stress and measuring the deformation response
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The variety of different loading types and setups is based on the different purposes.
Each different loading type is characterized by its respective advantages and difficulties.
Some of the loading types require dimensionally stable samples, and others aim to inves-
tigate weak effects, thin films or anisotropic materials. Tension and compression DMTA
is illustrated in Figure 1 with the design of the Gabo Eplexor 500, an experimental setup
for both compression and tension testing differs only in the required clamps and sample
geometry. The design consists of a static unit at the top; a dynamic unit at the bottom;
and the measurement axis, including individual clamps, in the middle. The static unit
is responsible for the quasi-static preload of the sample (±1500 N or ±35 mm), and its
measurement enables the study of the amplitude dependence of the dynamic characteristics.
The clamps are individually designed for different loading types and optimized for the
precise hold of the sample. Excessive clamping can lead to measurement distortion. The
dynamic unit is able to load the sample with a periodic continually controlled load (±500 N
or±1 µm up to 3 mm in range 0.01 Hz–80 Hz) and measure the dynamic response precisely.
The configurable plate springs compensate for the preload and hold the coil of the electro-
dynamic exciter in position, so that the electrodynamic exciter is not pulled out before the
dynamic load (primary voltage) is applied. The dynamic elongation is measured with an
eddy current elongation sensor. Another part of the Gabo Eplexor 500 is the temperature
chamber, which, in combination with liquid nitrogen, allows for measurements to be taken
in a temperature range from −150 to 500 ◦C.

Servo motor

Clamp

Force transducter

Specimen

Target
Blade spring

Shaker
Shaker amplifier

Frame

Static elongation transducter

Temperature chamber

Dynamic elongation transducter

Liquid nitrogen container

Figure 1. Design principle of Gabo Eplexor 500 N of DMTA testing machine.

2.1. Measurement Procedure

The following considerations should be taken into account when setting up the DMTA:

(a) DMTA experiment setup
The DMTA testing machine is a complex device with many precise components. It is
necessary to check for leaks or failures of safety components. The condition of sensors
and level of liquid nitrogen are also critical factors. All these factors can lead to failure
of the measurement.

(b) Specimen preparation, form and dimensions
If working with dynamic moduli, it is important that the geometry of the specimen
meets the requirements of technical standards and is measured precisely.

(c) Measurement parameters
To start a measurement procedure, several measurement parameters have to be set.
In terms of mechanical parameters, static preload, dynamic load, frequency range
and division of measurement points can be defined. Within thermal parameters, the
temperature range, temperature step and soak time need to be chosen. It is also
necessary to set the tolerance intervals of all of the aforementioned parameters. There
is no universal set of parameters to operate with when starting a new series. Obtain-
ing a suitable set of measurement parameters is a process that consists of making
several partial measurements, where every measurement point has to be logged under
isothermal conditions. It is important to assure that the loaded sample is still in the
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so-called linear viscoelastic region (LVR), which is the main assumption that is made
in DMTA measurements. In the LVR, the dynamic response (complex modulus) is not
amplitude dependent. The LVR is also frequency- and temperature-dependent—lower
temperatures or higher frequencies require smaller dynamic amplitudes to stay in
LVR. The signal-to-noise ratio also needs to be taken into account in determination
of an amplitude of dynamic load that fulfills the required conditions for the whole
measurement. In general, the dynamic excitation amplitude must be small, in or-
der for the displacement of the dynamically loaded sample to remain close to its
preloaded equilibrium. Additionally, the more elastic the material is, the smaller
the LVR is, and vice versa. Only if aforementioned conditions are met, it is possible
to shift single frequency sweeps according to time temperature shift principle (TTS)
by Williams et al. [27] and obtain a mastercurve, which represents an extrapolated
dynamic response for a significantly wider frequency range than the DMTA testing
machine is able to measure.

2.2. Dynamic Material Characteristics

After applying the load stress, the strain response can be obtained. The ratio of the
dynamic stress σ to dynamic strain ε is called complex tension modulus E∗ or complex
compression modulus K∗.

The real part E′ (K′) is the storage modulus and represents the stiffness of the viscoelas-
tic material. It can be interpreted as energy that is stored during loading of the specimen.

The imaginary part E′′ (K′′), called loss modulus, represents the energy converted or
dissipated as heat during mechanical loading process. This energy cannot be recovered.

In the frequency domain, the time delay between loading (dynamic strain ε) and
response (dynamic stress σ) is characterized as the phase angle δ. For a purely elastic
material, the phase angle δ is equal to zero.

The loss factor tan δ is defined as the ratio of the loss modulus to the storage mod-
ulus. This characteristic represents internal friction or mechanical damping; therefore, it
corresponds to the amount of dissipated energy. In general, an elastic material has low
loss factor.

Equations (1)–(4) describe the aforementioned relationships. Further details about
dynamic material characteristics can be found in ISO-6721-1:2019 [28], ASTM-D4092:07 [29]
and also in the publications by Ehrenstein et al. [5] or Meyers and Chawla [30].

|E∗| = σA

εA
=
√

E′2 + E′′2 (1)

E′ =
σA

εA
cos δ (2)

E′′ =
σA

εA
sin δ (3)

tan δ =
E′′

E′
(4)

The glass transition temperature Tg is one of the most important material characteris-
tics for polymers and is defined as middle temperature of the region, in which the change
from glassy or energy-elastic, to rubbery or entropy-elastic state occurs. The glass state can
be interpreted as a stiff state of a polymer at low temperatures caused by immobility of
its molecules. In the context of elastomers, the glass transition temperature indicates the
lowest temperature at which the elastomer can be deployed for industrial application. The
glass transition is also frequency-dependent.

The value of Tg can be determined with several methods and according to several
technical norms. One commonly used method is to identify the temperature at which the
maximum of loss modulus E′′max or maximum of loss factor (tan δ)max occurs, as shown in
Figure 2, as shown in Ehrenstein et al. [5]. Rieger [31] demonstrated that the Tg obtained
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by the maximum of loss modulus E′′max coincides more with the value obtained with DSC
(differential scanning calorimetry) than the value obtained with the maximum of loss factor
(tan δ)max. The beginning of the glass transition is considered as the fall of the E′.
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Figure 2. Glass transition temperature evaluation methods [5].

The DMTA measurements are suitable for identification of state changes, temperature
dependencies, damping dependencies, blend constituents, thermal limits of the material,
anisotropy, changes due to recycling, state of ageing or conditioning, curing, and thermal
degradation. For example, through a radical change in the storage modulus E′, the energy-
or entropy-elastic region can be identified. Different orientations of specimens of anisotropic
material will each exhibit a different stiffness. The correlation between water content and
change of mechanical properties can be also observed. The degree of curing of duromers
can also be obtained based on the changes in moduli E′, E′′, loss factor tan δ, and rise of
the glass transition temperature Tg. The thermal limits of the material can be identified by
radical softening or embrittlement of the specimen. There are also many more applications
for complex measurements with the DMTA, as described by Ehrenstein et al. [5].

2.3. Dynamic Mechanical Thermal Analysis (DMTA)—Experiment

Figure 3 displays geometry of the specimen used in this study, along with its dimen-
sions. The material is a carbon-black filled NR-BR (natural rubber–butadiene rubber) blend
with hardness of 49 Shore A, which is typically used in rubber bushings. Since an hourglass
specimen with inhomogeneous cross-section is used, the measured frequency-dependent
characteristic is not the complex modulus E∗ but the dynamic stiffness C∗.

The measurement was conducted with the Gabo Eplexor 500. For this specific mea-
surement, the 150 N force sensor and the dynamic elongation sensor with measurement
range of 1.5 mm were chosen. The load parameters, such as the static elongation amplitude
εstA = 0.5% and the dynamic elongation amplitude εdynA = 0.2%, were set up carefully
under consideration of the LVR and the initial length of the specimen L0 = 25 mm. The
temperature range between −40 ◦C and 20 ◦C was used for the temperature sweep of indi-
vidual isothermal frequency sweeps, which were measured from 1–80 Hz with logarithmic
distribution of measurement points 12 Points/decade.

Figure 4 shows the magnitude of the dynamic stiffness |C∗| of the hourglass elas-
tomeric specimen, which was obtained by a temperature-frequency sweep with the DMTA.
The corresponding mastercurve was extrapolated by TTS according to Williams et al. [27].
The first vertical line f1 indicates the frequency range 0–500 Hz. The second line f2 indicates
the frequency range 0–3000 Hz, which will be used for measurements in Section 3.
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Figure 3. Hourglass specimen used in this study (NR-BR blend).
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Figure 4. DMTA measurement in frequency range of 1–80 Hz and mastercurve for 1–107 Hz of
carbon-black filled elastomeric hourglass specimen.

3. High-Frequency Dynamic Testing (Frequency Domain)

There is a new sector of testing machines, which are able to test samples and com-
ponents at high frequency, loaded by sinusoidal load, at room temperature and non-
destructively. This sector of test machines is motivated by NVH behaviour of electric
vehicles because the design and working principle of an electric motor is different from an
internal combustion engine.

The rotational frequency of a standard internal combustion engine can reach up to
100 Hz. As a result, the relevant frequency region typically used in industry measurements
is from 0 to 500 Hz. Permanent magnet synchronous motors (PMSM) of an electric motor
can, however, operate with a rotational frequency of up to 300 Hz. Due to the working
principle of the PMSM, further superimposed effects can be found in its NVH behavior. In
any spectrum of electronic commutated or brushless motors, the pulse width modulation
(PWM) effect occurs with the frequency of the motor controller. The cogging torque occurs
in every permanent magnet machine and is defined as the torque ripple, which is caused
by the uneven attraction of the magnets on the rotor to the teeth and slots on the stator. In
the position where the pole aligns with the teeth, the highest attraction or the maximum of
magnetic flux density occurs—shown schematically in Figure 5. Neapolitan and Nam [7]
state that the cogging torque depends on the rotational frequency, on the number of poles
and slots and on the load of the motor. There are several strategies to compensate for
this undesired effect. The magnets can be segmented and arranged in several ways or the
coils can be switched smoothly, so that they act against the cogging torque, according to
Hanselman [8]. The cogging frequency is linked to the least common multiple of the number
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of poles and slots, as observed by Jagasics and Vajda [9]. Since the vibrations generated by
a PMSM occur often at high frequencies, it is necessary to include higher frequencies in
the testing standards. These high-frequency effects cause internal resonances of the rubber
bushings during the operation of permanent magnet machines, as demonstrated by Lion
and Johlitz [10].

Magnet

Slot

Tooth

Figure 5. Permanent magnet synchronous motor (PMSM)—cross section (10 Poles, 12 Coils).

3.1. Test Bench for Dynamic Stiffness (TBDS)—Design

There are several scientific publications which deal with high-frequency dynamic
testing of elastomers, using different designs of the test apparatus, as can be seen in
Ramorino et al. [15] and Koblar and Boltezar [12]. Haeussler et al. [11] performed “free–
free” rubber isolator measurements to be able to describe the vibration in virtual points
and compute the frequency dependent dynamic stiffness. Testing machines to measure the
dynamic stiffness of elastomers within high frequencies are also commercially available.
In addition to the approach of Haeussler et al. [11], there are two possibilities for measuring
dynamic characteristics of rubber bushing in a wide frequency range, as outlined in Figure 6.
The measurement method can be performed, as shown in Figure 6a, directly, utilizing an
accelerometer and force sensor, or indirectly, using two accelerometers as in Figure 6b.
The disadvantage of the direct method is its more complex design and generally lower
resonance frequency of the force sensors.

In the current study, the indirect method was chosen and manufactured on a 500 kg
stone table with thread inserts isolated by rubber air springs, as shown in Figure 7a. It is
important that the whole apparatus remains isolated from the environment. The seismic
mass was hung “free-free” and parallel to the table of dynamic exciter. The solid body
resonance of the seismic mass attached with the elastic support cords was outside the
measurement range, so that sinusoidal dynamic load could be applied. In this case, the
electrodynamic exciter B&K Type 4808 with maximum table acceleration of 71 g powered
by B&K Type 2712 was used. This exciter delivers up to 187 N peak sine force in range from
5 Hz to 10 kHz. The accelerometers from PCB with sensitivity of 10.29 mVg−1 and B&K
with sensitivity of 98.5 pCg−1 were utilized. It is preferred that the cables are fixed and have
no loops. The measurements were performed on the modular multichannel measurement
system PAK MKII by Müller BBM VAS (see Figure 7b) using the corresponding software
PAK 6.0, and the excitation velocity amplitude was set to v = 0.01 ms−1 with tolerance of
5% during the entire measurement from 50–3000 Hz with a frequency step of 1 Hz. The
set velocity amplitude was controlled by real-time closed loop offered by PAK 6.0. The
sampling rate was set up with respect to the Nyquist criterion. Three analog inputs and
one analog output were used to conduct the measurement. The direct computation of
dynamic stiffness of the bushing was carried out using the Arithmetic toolbox in PAK 6.0.
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The measurement setup in this study is named “Test bench for dynamic stiffness” (TBDS).
The TBDS is able to test different specimens and components made from soft or hard
polymers since the mass of adaption can be easily compensated. For hard polymers, the
dynamic amplitude has to be reduced regarding the power of the dynamic exciter in order
to reach 3000 Hz. Concurrently, it is important to consider the measurement noise of the
used accelerometers.

Environment

Isolation

Seismic mass

Force sensor

Accelerometer

Specimen

Shaker

Isolation

Environment

(a) (b)

Figure 6. Design concept of test bench for measurement of dynamic stiffness: (a) direct method,
(b) indirect method.

(a) (b)

Figure 7. Experiment: (a) Test bench for dynamic stiffness (TBDS), (b) multichannel measurement
system. PAK MKII by Müller BBM VAS.

3.2. Test Bench for Dynamic Stiffness (TBDS)—Experiment

Figure 8 shows a successful isothermal frequency sweep measurement from the TBDS
over a large frequency range of 50–3000 Hz of the same hourglass specimen as used in the
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DMTA temperature frequency sweep in Section 3. The magnitude of dynamic stiffness |C∗|
(Figure 8a), phase angle δ (Figure 8b) and loss factor tan δ (Figure 8c) are shown as a factor of
frequency. The thick blue vertical lines in Figure 8b at close proximity of 103 Hz are caused
by measurement noise and plotting method (−180◦ up to 180◦) of phase angle δ. The first
vertical line f1 marks 500 Hz, which is the region where industrial measurements usually
take place. Clearly, the dynamic stiffness can be considered as constant from 50 to 500 Hz.
The second vertical line f3 marks the maximum of the magnitude of dynamic stiffness |C∗|
at approx. 1650 Hz, which indicates an internal resonance of the test specimen. This is
confirmed by the phase angle δ, which is approximately 90◦ at this resonance frequency.

TBDS measurement on hourglass specimen
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Figure 8. Measurement on hourglass specimen from TBDS.

3.3. Test Bench for Dynamic Stiffness (TBDS)—Validation (DMTA)

In Figure 9, the magnitude of the dynamic stiffness |C∗| measured on our test bench is
plotted in comparison with the mastercurve shifted from temperature frequency sweep
performed on DMTA with the same specimen, as shown in Figure 4. In the low-frequency
range up to 500 Hz marked with line f1, which is usually used for industrial measure-
ments of rubber bushings, both measurements correlate well with each other. At higher
frequencies, a prominent increase of the magnitude of dynamic stiffness |C∗|was measured
by TBDS. The first internal resonance of the rubber bushing occurs near 1650 Hz. The
standard temperature frequency sweep (DMTA measurement) proceeded up to 100 Hz
and then shifted according to TTS (a mastercurve can never yield any information about
internal resonance that occurs outside the frequency range of the frequency sweep) . With
the mastercurve from the DMTA measurements, the significant increase of dynamic stiff-
ness remains undetected. The DMTA is a versatile useful standard analysis; nevertheless,
there is a need, caused by NVH behavior of PMSM, to measure dynamic stiffness at high
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frequencies for applications in electromobility. Table 1 shows clearly arranged comparison
of pros and cons of the TBDS and the DMTA.
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Figure 9. Comparison—TBDS vs. DMTA (hourglass specimen).

Table 1. Pros and cons of TBDS and DMTA.

TBDS DMTA

aaaaaaaaaaProsaaaaaaaaaa

wide frequency range controlled preload
detection of internal resonance temperature control

controlled dynamic load controlled dynamic load
open parameters and low costs user-friendly and established

Cons
constant preload small frequency range

no temperature control component testing difficulties
user comfort high acquisition costs

4. Dissipative Self-Heating of Engine Mounts (Time Domain)

In contrast to electric machines, bearings used for internal combustion engines (Figure 10)
are subjected to tendentially lower frequencies combined with relatively large ampli-
tudes. Cyclic mechanical loads at sufficiently high amplitudes and frequencies lead to
significant energy dissipation in viscoelastic materials. In the case of insufficient heat
removal, elastomer components may therefore heat up strongly as shown, for example, by
Johlitz et al. [32] or Dippel et al. [33]. The occurrence of critical temperatures, which can
lead to loss of functionality or to component failure, has to be identified at an early stage
in the development process. For reasons of time and cost, simulation is now replacing a
large part of the experimental work. However, in addition to suitable material models,
this also requires suitable methods and equipment for material characterisation, as the
publication by Hartmann [34] describes. This section, therefore, focuses on the viscoelastic
material characterisation, which, in the context of dissipative self-heating, has a significant
influence on the valency, progress and stability of the resulting temperature field, which is
examined in more detail within the study published by Schröder et al. [35]. The present
study presents a method for experimental identification of viscoelastic parameters, which
can be transferred to complex geometries and multi-axial deformation states and velocities.
An overall estimation is made concerning the industrial applicability, which includes not
only the duration and quality of the tests but also the total experimental effort for the
identification of the material parameters.
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Figure 10. Engine mount for vehicles with internal combustion engines.

4.1. Experimental Setup and Time Domain Procedures

Classical methods such as the relaxation test or the dynamic mechanical analysis
do not represent the required relaxation spectrum in the time or frequency range if an
amplitude spectrum within a frequency band has to be described. This issue is also
addressed by Lion [36] and further investigated experimentally by Dippel et al. [33], among
others. Furthermore, a large number of technical elastomer materials show pronounced
non-linear viscoelastic material behavior, which is generally not simulated for reasons of
efficiency but which must be taken into account during parameter identification. This was
investigated, for instance, in the work of Koprowski-Theiß [37] and Scheffer [38], as well as
Schröder et al. [39] and many other authors. In the following, the experimental method
and the experimental setup are described. The ElectroForce 3200 Series III DMA testing
machine from BOSE is used for mechanical testing within the ETI-2 temperature chamber.
The following tests are conducted using carbon black-filled natural rubber (NR) samples
cross-linked by low-sulphur vulcanisation (Efficient Vulcanisation, EV). Further parameters
of the material are the SHORE hardness of 68 ShA, an Elongation at Break of 366%, and
a Rebound Resilience of 31%. Periodic uniaxial tensile tests were carried out on simple
rectangular specimens 10 mm × 1.8 mm × 50 mm until a stationary temperature field was
reached. The process was characterized by a swelling displacement process and varied
in terms of frequencies 1, 2, 5 and 10 Hz and strain amplitudes 5, 10 and 15%. The field
quantities force and displacement were recorded by sensors. In parallel, the evolution of
the surface temperature of the sample was captured by an infrared camera of the type
VarioCam and the ambient temperature by a thermal sensor. These measured data provided
the basis for the parameter identification, and they were used for the later validation of the
parameter set.

4.2. Parameter Identification Using Modified Ellipse Function

The measured data are edited and formatted. The surface temperature evaluated at
the location ‘Hotspot’ where the maximum temperature occurs and the mean value of the
oscillating temperature of the last cycles is used as the steady-state equilibrium temperature.
This is shown in Figure 11 and summarized in the following as a function of the input
process variables. The mechanical measurement data are converted into stretch λ and stress
σ by using the geometry of the specimen. In addition to the stationary temperature of the
process, a representative cycle is selected and the relevant characteristic properties such as
extremal values (λmin/σmin) and (λmax/σmax) and the area A of the associated hysteresis
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are calculated. Subsequently, this is determined as in Figure 12 and is replaced by an ellipse
function e(σm, λm, a, b, ψ, f , t) depending on the parameters for transformation σm and λm,
rotation ψ, geometry a and b, frequency f and time t.

[
λ
σ

]
=

[
λm
σm

]
+

1
2

a cos(2 π f t)
[

cos(ψ)
sin(ψ)

]
+ 2 b sin(2 π f t)

[− sin(ψ)
cos(ψ)

]
(5)
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Figure 11. Experimental setup and data acquisition.

Figure 12. Edited measurements in a hysteresis representation and an elliptical approximation curve.

The target function z(p(ηi µi)) is defined on the basis of the abstracted data of the
measurement Tabs(p) and the process response of the material model Tmod(p), with the
viscoelastic model parameters p, viscosities ηi and stiffnesses µj being used as variables. To
solve the inverse problem, an error function is first introduced, which represents a quality
criterion between simulation and experiment.

z(p(ηi, µi)) =

∥∥∥∥∥∑j
Tmod

j (p)− Tabs
j

∥∥∥∥∥→ minimal (6)
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To optimize the target function, a genetic algorithm based on the mutation-selection
principle and the recombination mechanism as well as a gradient-based method are chosen
and combined through iteration loops, as Koprowski-Theiß [37] presents in her work. In
this manner, advantages of the evolution strategy and the start and extreme value finding
can be used to find the best available set of parameters. A numerical simulation is used
to replicate the experiment and to validate it at sample level using the determined set of
parameters. The extremely satisfactory agreement of the results is shown in Figure 13.

Figure 13. Experimental and simulative steady-state temperatures under not released swell strain
conditions.

4.3. Parameter Validation at Component Level

The formulation of the initial and boundary conditions shown in Figure 14 is manda-
tory for the model within a fully coupled thermomechanical analysis. The analysis is
transient with respect to the heat conduction equation, whereas inertia effects are neglected.
The heat transfer equation is integrated using a backward-difference scheme. The incre-
mentation is done automatically under the restriction of used increment sizes between
5 · 10−5 [s] and 5 · 10−2 [s].

F

F (t) =
1.4

4
kN sin

(
4π

1

s

)

t
Pref

SymmetrySymmetry

Fixed

Initial temperature
Heatflux to air

Heatflux to air

Heatflux to steel

Heatflux to steel

Kinematic coupling

Figure 14. Computational model showing boundary and initial conditions.
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A qualitatively valuable discretisation conserves computational resources while ensur-
ing the accuracy of the results. For this purpose, convergence and mesh independence must
be proven. To fulfill these requirements, a mesh convergence analysis is carried out. A rep-
resentative load case is evaluated where the number of elements is varied. The temperature
and Mises stress as well as the total computation time for each mesh (model 1–model 10)
are determined at four characteristic nodes (Node 1–Node 4). The different discretisations
and evaluated locations are shown in Figure 15a.
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Figure 15. (a) Definition of reference nodes and Model mesh. (b) Convergence study.

With the use of the convergence, the element size or number can be determined where
the results do not significantly change any longer. At this point, mesh variation 7, the model
is independent of the mesh and leads neither to increased computation times nor to dis-
cretisation erros as shown in Figure 15b. The geometry is discretized by 7093 C3D10MHT
(three-dimensional 10-node modified temperature-displacement hybrid tetrahedron ele-
ment with linear pressure and with hourglass control) elements.

The identified parameter set is now used to compute the mechanical and thermal
behavior of an engine mount as it is subject to complex load and deformation conditions.
These are multi-axial as well as location- and time-dependent. The calculation results are
presented in Figures 16b and 17b. For modelling, implementation and optimization of the
computation time refer to Schröder et al. [39,40].
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Figure 16. (a) ABAQUS analysis stress visualisation engine mount. (b) Force-displacement curve at
the reference point.

In Figure 16b, a nearly identical hysteresis is observed. This means that in addition to
the mechanical behavior, the dissipative behavior, which is characterized by the hysteresis
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area, is also captured. Accordingly, the local loads can be deduced at this point. The
agreement of the stationary temperature values between experiment and simulation can be
recognized in Figure 17b. It is also observed that the calculation duration is significantly
reduced by the suitable selection of the heat capacity. For detailed descriptions and proof
of validity, refer to Schröder et al. [40]. The reach of the stationary state is thereby fastened.
Furthermore, the local temperature profile in the stationary state can be inferred, as shown
in Figure 17b.
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Figure 17. (a) ABAQUS analysis temperature visualisation engine mount. (b) Self-heating under
cyclic loading.

5. Summary and Outlook

It is important to verify established procedures since the possibilities and problems are
changing. The described DMTA analysis is a useful multifunctional measurement method;
however, for several applications, it is necessary to consider effects that remain undetected
by this or any other standard method.

For applications in electric vehicles, the vibrations caused by PMSM are of small
amplitude with wide frequency range. The characteristic NVH behavior of PMSM is caused
by the superposition of multiple mechanical and electromagnetic effects. It was shown on
measurements from our beta version of the test bench for measurement of dynamic stiffness
and DMTA that the standard measurement procedure has its limitations. The comparison
of the two mentioned measurements was discussed, and the reason for the significant
difference was stated. The TBDS measurements can be performed on specimens to obtain
parameters for material model of frequency dependent moduli and also for validation
of simulations of the virtual prototype, where dynamic load is applied on the elastomer
bushing. With the help of such models, it is possible to simulate dynamic response of
the rubber isolator; compare it with spectrum of the PMSM; and, if it is needed, change
the design or position of the isolator to avoid undesired NVH behavior before the start of
the production. It is also possible to test aged specimens to obtain information about the
change of the spectrum of rubber isolator caused by ageing. In the future, the design will be
improved to be able to set up the preload precisely and some components will be replaced
by higher quality components. Eventually, the model according to Lion and Johlitz [10]
will be fitted and validated on measurements from TBDS.

The second application in this study is adapted on NVH behavior of internal combus-
tion engines. The cyclic, low frequency load, high amplitudes and long operation times are
affecting the elastomer bushing. It was shown on measurements that the energy dissipated
by loading of elastomer specimen causes its self-heating. At this point, the standard DMTA
reaches its limits as well. In this study, the combined mechanical and thermal measurement
for the quantification of dissipative heating of elastomer specimen is described and the
steady state temperatures are obtained. The results of previously mentioned measurements
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are used for parameter identification of the hysteresis area for the computation of the
characteristic ellipse. The identified parameter set is used for simulation on the component
level and validated with respect to combined measurement of engine mount. The effect
of dissipative self-heating was characterized by a minimal number of experiments at the
specimen level, and the developed model is suitable for transfer to the complex geometry
and load cases of the component (engine mount).

With the help of these approaches, the behavior of cyclic loaded elastomer bushing
in different applications can be simulated to save the time and costs necessary for the
production of prototypes or losses caused by possible complaints from customers.
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