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A B S T R A C T   

A comparative study of the effectiveness of carbide and oxide types of strengthening of V–Cr–Zr alloy was carried 
out by means of a comprehensive certification of structural-phase state parameters and measuring the me
chanical properties characteristics. It has been shown that the use of chemical-heat treatment contributes to a 
significant increase in the thermal stability of the microstructure and mechanical properties of V–Cr–Zr alloy in 
comparison with carbide strengthening under the conditions of thermomechanical treatment. A controlled in
crease in the volume fraction of fine particles based on ZrO2, along with an increase in the concentration of 
oxygen in the solid solution, leads to a decrease in the rate of oxides coagulation and an increase in the thermal 
stability of high disperse heterophase structure. These effects contribute to the retention of high defect structural 
states with nonzero values of crystal lattice curvature even after high-temperature (0.67 Tmelt) anneals. The high 
efficiency of dispersion and substructural strengthening is a consequence of blocking dislocation slip by fine 
particles stabilized by oxygen in a solid solution.   

1. Introduction 

Among the main requirements for low-activation vanadium alloys as 
promising structural materials for thermonuclear power engineering is 
the provision of high-temperature strength while maintaining accept
able values of plasticity at low temperatures [1–5]. Due to the high 
chemical activity of such materials to interstitial impurities [6], they are 
characterized by the formation of corresponding solid solutions and the 
release of second phase particles. 

One of the ways to improve the strength properties of vanadium 
alloys at high temperatures is to increase the efficiency of dispersion 
strengthening [7–14], due to dispersion, redistribution and increase in 
the volume fraction of fine second phase particles. For this purpose, 
various methods of thermomechanical (TMT) and chemical-heat (CHT) 
treatments are used. In this case, TMT methods predominantly 
contribute to an increase in the efficiency of the carbide type of 
strengthening by modifying the initial, vanadium-based metastable 
carbides and oxycarbonitrides into stable carbides based on 

diffusion-active substitution elements (Ti, Zr) [8,13]. In the case of CHT, 
the heterophase structure is modified by purposeful doping with inter
stitial elements (C, N, O), which is accompanied by both a change in the 
phase composition of second phase particles and an increase in their 
volume fraction. One of the effective methods of vanadium alloys CHT is 
internal oxidation (IO) [10,14,15], the use of which provides an increase 
in the concentration of oxygen and the formation of oxide particles. The 
latter, in turn, are characterized by high thermodynamic stability, which 
contributes to a significant (up to 0.8 Tmelt) increase in the thermal 
stability of the alloy microstructure and mechanical properties. 

Formation of structural-phase states with high effects of dispersion 
and substructural strengthening at high temperatures requires a uniform 
volume distribution of non-metallic phases fine particles, which, fixing 
high-defect structural states, suppress recrystallization processes [16]. 
Today, questions about the main factors that determine the efficiency of 
strengthening of heterophase alloys and the mechanisms of trans
formation of structural-phase states, depending on the processing con
ditions, are still relevant. Moreover, such studies are necessary for alloys 
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with different elemental composition and volume fraction of fine par
ticles, which is essential for optimizing the elemental composition of 
alloys and increasing the efficiency of the applied TMT and CHT 
methods. 

In this work, a comparative study of the effect of carbide and oxide 
types of strengthening on structural-phase state parameters and me
chanical properties characteristics, as well as their thermal stability, 
during thermomechanical and chemical-heat treatments of V–Cr–Zr 
alloy is carried out. 

2. Materials and methods 

We used vanadium alloy V–8.62Cr–0.66Zr–0.064O–0.036N–0.042C 
(at. %) (hereinafter V–Cr–Zr) obtained at JSC Bochvar High-Technology 
Research Institute for Inorganic Materials (Moscow, Russia). The com
bined treatment consisted of thermomechanical treatment according to 
regime II (TMT-II) [8,13] and chemical-heat treatment by the method of 
internal oxidation with the achievement of various oxygen concentra
tions [10,14]. 

TMT-II provides nanostructuring of the initial heterophase structure 
during the implementation of the mechanism of phase transformations 
by dissolving metastable vanadium carbides with subsequent segrega
tion of the stable phase from the solid solution [8,13]. It includes 1-h 
annealing at T = 1400 ◦С and several (at least 3) cycles “rolling ε =
(30–50) % at room temperature + annealing at T = (600–700) ◦С". 
Stabilizing vacuum annealing for 1 h was carried out at temperatures of 
1000 or 1100 ◦С. 

CHT was carried out on 1 mm-thick samples after TMT-II + 1100 ◦С 
and includes [10,14]: formation of surface scale during heat treatment 
in air at 600–700 ◦С, the duration of which is determined by the 
required oxygen concentration (СO), vacuum (from 620 to 1000 ◦С) 
annealing for 9 h and stabilizing vacuum annealing at 1100 ◦С for 1 h. 

The oxygen concentration after CHT was determined on the basis of 
data on the mass of samples before and after processing. The samples 
were weighted on electronic laboratory scales GH-200 (A&DCOLTD) 
with an accuracy of no worse than 10− 4 g. 

To study the thermal stability, the alloy samples after internal 
oxidation were annealed at 1200 ◦С (0.67•Тmelt). 

Electron BackScatter Difraction (EBSD [17]) patterns were obtained 
using a FEI Quanta 200 3D scanning electron-ion microscope with a 
Pegasus complex at accelerating voltage of 30 kV. Samples were pre
pared by mechanical grinding and subsequent electrolytic polishing in a 
20 % solution of sulfuric acid in methanol at a voltage of 15 V. Orien
tation maps were obtained in the mode with hexagonal point setting. 
Kikuchi patterns formed by backscattered electrons were automatically 
indicated by the «TSL OIM data collection » software. Further processing 
of the resulting data was carried out using the «TSL OIM analysis » 
software. 

Transmission electron microscopy studies were performed on Philips 
CM 30 TWIN (300 kV) and Philips CM 12 (120 kV) electron microscopes. 
Thin foils were obtained by jet electrolytic polishing on a MIKRON-3M 
device in a 20 % solution of sulfuric acid in methanol at a voltage of 
15 V. The certification of high-defect structural states was carried out 
using the method of dark-field analysis of discrete and continuous mis
orientations [18], by studying the features of the behavior of extinction 
contours when the sample is tilted in a goniometer. Within the frame
work of the concept of bending-torsion tensor [19,20] (the tensor of the 
continuum dislocation density), this approach allows one to experi
mentally determine the quantitative values of some of the components 
of this tensor. 

Mechanical tests of dog bone shaped specimens with the dimensions 
of the working section 13 mm × 2 mm × 1 mm were carried out by 
tension at a rate of ε̇ = 2 × 10− 3 s− 1 in vacuum of ≈2 × 10− 5 Torr at 
temperatures of 20 ◦С, 800 ◦С and 900 ◦С. 

Microhardness (HV) was determined by the prints of a Vickers dia
mond pyramid on a Neophot 21 instrument at a load of 0.5 N and a 

exposure time of 15 s. 

3. Results 

3.1. Microstructure 

Fig. 1 represents the structural-phase state of V–Cr–Zr alloy after 
TMT-II with stabilizing annealing at 1000 ◦C. It was found that the grain 
structure, even after stabilization, is highly inhomogeneous. The grain 
orientation maps obtained by the EBSD method (Fig. 1a) show large 
anisotropic grains that are elongated in the rolling direction (RD) and 
reach a length of several hundred microns with a width ranging from 10 
to 40 μm. The non-equiaxiality coefficient of such grains varies from 3 to 
5. A strongly gradient color is observed inside such grains, which in
dicates the presence of structural states with low-angle misorientations 
of a discrete and/or continuous type. Against the background of large 
grains, there are both individual small grains and clusters of them. Their 
sizes in RD are from 5 to 15 μm, with a width from 5 to 10 μm. Non- 
equiaxiality coefficient of such grains does not exceed 3, and inside 
them, as a rule, there is no gradient color. 

Fig. 1b shows a dark-field image obtained simultaneously in the 
[200] reflection from fine FCC ZrC particles and in the [110] reflection 
from the BCC vanadium matrix (Fig. 1c). It was found that after TMT-II, 
a high density of ZrC-based nanoparticles with sizes ranging from 2 to 
20 nm is formed in the alloy. The lattice parameter of these particles (a) 
varies in the range 4.67–4.69 Å depending on the carbon concentration. 
Such particles, precipitating from the solid solution, form the Bain 
relationship with the matrix [21], in which the matrix reflection [110] 
BCC practically coincides with the [200] FCC from the particles of the 
second phases (Fig. 1c). Nanoparticles effectively fix the dislocation 
structure (Fig. 1b). Using the secant method [22], in the process of 
studying different sections of individual grains, it was found that the 
dislocation structure is not uniform. In some areas, the scalar dislocation 
density (ρ±) does not exceed 109 cm− 2, while in others ρ± reaches 5 ×
1010 cm− 2. Thus, fine-disperse ZrC-based particles formed as a result of 
TMT-II, fixing the dislocation structure, provide strengthening accord
ing to the Orowan mechanism [23]. According to this estimate, the 
maximum value of the volume fraction of ZrC-based second phase (f), 
based on the data on the chemical composition, reaches ≈ 0.08 %, which 
is limited by the low concentration of carbon in this alloy. In this case, 
the volume fraction of the entire oxycarbonitride phase of Zr(N, C, O) 
type based on Zr, as the most active phase-forming element, according to 
estimates, does not exceed 0.25 %. 

Using transmission electron microscopy, by dark-field analysis of 
discrete and continuous misorientations, it has been established that 
crystal lattice curvature after TMT-II with stabilizing annealing at 
1000 ◦C reaches 5 or more deg/μm. The presence of structural states 
characterized by a change in the crystal lattice orientation inside the 
grains is also evidenced by the gradient color of grain orientation maps 
obtained by EBSD method. 

After TMT-II with stabilizing annealing at 1100 ◦C, against the 
background of large anisotropic grains elongated in RD, the formation of 
mostly medium-sized grains (20–40 μm) is observed, while small grains 
are rare (Fig. 2a). Note that coarse grains of anisotropic shape still retain 
the gradient color. Dark-field analysis of misorientations has shown that 
structural states with a crystal lattice curvature are rare, and its 
maximum values do not exceed 3 deg/μm. Intercrystalline boundaries of 
equiaxed grains of small and medium sizes, as well as low-angle 
boundaries of the fragments forming them, are often characterized by 
banded electron-microscopic contrast (Fig. 2b), which indicates their 
equilibrium state. In addition, a multiple decrease in the scalar dislo
cation density (ρ±) was found in comparison with stabilization at 
1000 ◦C. In the most defective areas it does not exceed 1010 cm− 2 

(Fig. 2c), while it is generally in the range from 5 × 108 cm− 2 to 109 

cm− 2 (Fig. 2b). It is important to note that stabilizing annealing at 
1100 ◦C does not affect the size and distribution of nanosized particles of 
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the second phases (Fig. 2c). 
Subsequent CHT with different durations of the stage of surface scale 

formation (oxidation in air) is characterized by the achievement of 
certain oxygen concentrations (СO), the corresponding values of which, 
taking into account the initial oxygen concentration (0.064 at. %), are 
given in Table 1. 

Fig. 3a shows a map of grain orientation of V–Cr–Zr alloy after CHT 
with an oxygen concentration of СO ≈ 0.6 at. % after stabilizing 
annealing at 1100 ◦C. 

It was found that as a result of such treatment, a near-surface layer up 
to 80–100 μm thick is formed to the depth of oxygen penetration 
(oxidation front). The structure of this layer is presented by alternating 
coarse grains of an anisotropic shape, elongated in the rolling direction 
(RD), and interlayers of fine grains of a less elongated shape. Coarse 
grains reach a length of up to 100 μm with a width of no more than 30 
μm and are characterized by a gradient color. Small grains with a 
gradient-free color reach 5–35 μm in length and 3–10 μm in width. At a 
distance of more than 100 μm from the surface, alternation of large 
anisotropic grains with interlayers of fine grains is also observed. In this 
case, coarse grains are characterized by a gradient color; their size, as 
after TMT, reaches several hundred μm in length, and their width ranges 
from 10 to 40 μm. Small grains with a gradient-free color are elongated 

in length (in RD) up to 50 μm with a width of 10–20 μm. Thus, after CHT 
with an oxygen concentration of СO ≈ 0.6 at. %, a near-surface layer is 
formed, the grain structure of which is smaller than the bulk of the 
material. 

After reaching СO ≈ 1 at. % the oxygen penetration depth, and 
therefore the oxidation front, extends up to 250–280 μm from the 
sample surface (Fig. 3b). An increase in the oxygen concentration to СO 
≈ 1.3 at. % ensures the realization of internal oxidation in the entire 
volume of the material, which on grain structure orientation maps 
manifests itself in the propagation of the oxidation front to a depth 
commensurate with the half-thickness of the sample (Fig. 3c). 

It was established by transmission electron microscopy that after 
CHT and stabilizing annealing at 1100 ◦C, the oxidation front is char
acterized by a high density of ZrO2 particles. Large ZrO2 particles range 
in size from a few tens of nanometers to several hundred nanometers 
(Fig. 4a). The configurations of the diffraction maxima in the corre
sponding diffraction patterns indicate the fulfillment of the Bain relation 
[21] between the ZrO2 particles and the vanadium matrix, similar to the 
previously presented carbide phase. Against the background of large 
particles, fine ZrO2 particles ranging in size from 3 to 15 nm are char
acterized by a predominantly uniform distribution over the volume of 
the material (Fig. 4b). Microdiffraction patterns from fine particles show 
ring configurations of weak diffraction maxima (Fig. 4c). As a result of 
analysis of microdiffraction patterns, it was found that, similarly to the 
oxidized V–Cr–W–Zr alloy [15], large particles are characterized by the 
monoclinic (P21/c) modification of ZrO2 with lattice parameters a = 5, 
15–5,31 Å; b = 5,21–5,27 Å; c = 5,15–5,38 Å; β = 99,22–99,46◦

(Zr0.93O2 (P21/c, a = 5.19 Å; b = 5.21 Å; c = 5.38 Å; β = 98.73◦) [PDF 
entry #01-081-1319], Zr0.944O2 (P21/c, a = 5.15 Å; b = 5.20 Å; c = 5.32 

Fig. 1. Structural-phase state of V–Cr–Zr alloy after TMT-II with stabilizing annealing at 1000 ◦С. a – Grain orientation maps (SEM, EBSD). b – dark field image of 
fine-disperse ZrC-based carbides and pinned dislocations (TEM). с – microdiffraction pattern (TEM). 

Fig. 2. Structural-phase state of V–Cr–Zr alloy after TMT-II with stabilizing annealing at 1100 ◦С. a – Grain orientation maps (EBSD). b – bright field microstructure 
image (TEM). с – dark field image of fine-disperse ZrC-based carbides and pinned dislocations (TEM). 

Table 1 
Oxygen concentrations (СO) depending on duration (tО) of oxidation in air 
(surface scale formation).  

tО, min 90 130 480 

CO, at. % 0.64 ± 0.04 1.02 ± 0.05 1.31 ± 0.06  
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Å; β = 99.24◦) [PDF entry #01-081-1314], ZrO2 (P21/c, a = 5.14 Å; b =
5.13 Å; c = 5.35 Å; β = 98.88◦) [PDF entry #01-080-0966], ZrO2 (P21/c, 
a = 5.31 Å; b = 5.21 Å; c = 5.15 Å; β = 99.22◦) [PDF entry 
#00-037-1484]), while fine particles are FCC (Fm-3m) modification of 
ZrO2 with the lattice parameter а = 5,1–5,14 Å (ZrO1.87 (Fm-3m, a =
5.15 Å) [PDF entry #01-081-1551]), ZrO2 (Fm-3m, a = 5.14 Å) [PDF 
entry #01-089-9069]), ZrO2.12 (Fm-3m, a = 5.13 Å) [PDF entry 
#01-081-1550])). The scatter of the lattice parameters near the tabular 
data is a consequence of minor deviations from the stoichiometric 
composition. 

It has been established that the structural state in the depth of the 
oxidation front is characterized by a dislocation density of up to (3–5)•
1010 cm− 2. In addition, the values of the crystal lattice curvature 
correspond to the maximum values after TMT-II with stabilizing 
annealing at 1000 ◦С. 

After an hour annealing at 1200 ◦C, the structural states with 
different oxygen concentrations (Fig. 5a and b) are generally similar to 

those formed after an hour annealing at 1100 ◦C (Fig. 3b and c). At the 
same time, there are some differences. In particular, at an oxygen con
centration of 1 at. % (Fig. 5a) outside the oxidation front, relaxation of 
the defect state of large anisotropic bands occurs by their fragmentation. 
This reduces the color gradient. The structural state within the oxidation 
front (Fig. 5a and b) remains virtually unchanged. 

In the course of the dark-field analysis of misorientations, it was 
found that, even after an hour-long annealing at 1200 ◦C, high-defect 
structural states with nonzero values of the components of the 
bending-torsion tensor remain inside the oxidation front. Fig. 6 shows an 
example of such an analysis. Dark-field images were obtained in active 
reflection (− 110), forming an angle β ≈ 65.5◦ with the goniometer tilt 
axis projection (TAP) (Fig. 6c). At goniometer tilt angle φ = 0◦, the 
extinction contour is excited in subgrain I (Fig. 6a). The subsequent tilt 
of the goniometer to φ = 1◦ is accompanied by the division of the con
tour into two parts ((a) and (b)), which move in opposite directions 
along the border of subgrains I and II (Fig. 6b). It was found that after 

Fig. 3. Grain orientation maps of V–Cr–Zr alloy after CHT with different oxygen concentrations. Stabilizing annealing temperature is 1100 ◦С. SEM, EBSD.  

Fig. 4. Structural-phase state of V–Cr–Zr alloy after CHT (СO ≈ 1.3 at. %) stabilized at 1100 ◦С. a – bright-field image of large particles of ZrO2, b – dark-field image 
of the dislocation structure and fine-disperse ZrO2, simultaneously obtained in [110] reflection of the vanadium matrix and [200] of particles. c – microdiffraction 
pattern from fine particles ZrO2. TEM. 
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separation, parts of the contour (a) and (b) move along the boundary at a 
distance of Δr ≈ 200 nm. In accordance with the formula χij ≈ Δφ ×
Sinβ/(Δr) [18], the value of the component of the bending-torsion tensor 
χ21 reaches 5 deg/μm. At φ = 4.5◦ in the same active reflection in the 
adjacent subgrain II, the extinction contour is excited almost uniformly 
(Fig. 6c). This indicates the absence of structural states with crystal 
lattice curvature in this subgrain. Thus, the boundary between subgrains 
I and II is a low-angle boundary with a variable orientation vector. In 

accordance with model concepts [18], such a boundary can be repre
sented as a boundary containing clusters of continuously distributed 
partial disclinations of the same sign. 

The behavior of extinction contours in neighboring subgrains 
described above indicates that the detected curvature of the crystal 
lattice is associated with the formation of a high defect structural state 
and is not a consequence of bending or warping of a thin foil. Thus, the 
gradient color observed on the grain orientation maps obtained by the 

Fig. 5. Grain orientation maps of V–Cr–Zr alloy after CHT with various oxygen concentrations (СО ≈ 1 and 1.3 at. %). Stabilizing annealing temperature is 1200 ◦С. 
SEM, EBSD. 

Fig. 6. Dark-field analysis of misorientations in V–Cr–Zr alloy after CHT (СО ≈ 1.3 at. %) stabilized at 1200 ◦C. Images in (− 110) reflection at different goniometer 
tilt angles (φ). TEM. 

Fig. 7. Microdiffraction pattern (a), dark-field images of the heterophase (b) and dislocation (c) structures of the V–Cr–Zr alloy after CHT with CO ≈ 1.3 at. % and 
annealing at 1200 ◦C. Image (b) was obtained in reflections of the tetragonal (101) and cubic (111) modifications of ZrO2; image (c) was obtained in (110) reflection 
of V. TEM. 
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EBSD analysis is a consequence of the presence of structural states with a 
crystal lattice curvature. 

A detailed study of the heterophase structure showed that after 
annealing at 1200 ◦С (Fig. 7 a) fine (less than 20 nm) ZrO2 particles still 
have FCC (Fm-3m) crystal lattice with a slight spread of lattice param
eter (a) as well as after annealing at 1100 ◦С. On their background, 
larger (20–50 nm in size) ZrO2 particles were found (Fig. 7a and b), that 
are characterized by tetragonal (P42/nmc, group 137) modifications of 
the crystal lattice, the parameters of which vary in the ranges a =
3.49–3.67 Å; c = 4.95–5.32 Å (ZrO2 (P42/nmc, a = 3.49 Å; c = 4.95 Å) 
[PDF entry #04-013-4748], ZrO2 (P42/nmc, a ≈3.60 Å, c ≈ 5.15 Å) 
[PDF #01-088-1007]), ZrO1.99 (P42/nmc, a = 3.61 Å; c = 5.13 Å) [PDF 
entry #01-080-2155], ZrO2 (P42/nmc, a = 3.64 Å; c = 5.27 Å) [PDF 
entry #00-042-1164], ZrO2 (P42/nmc, a = 3.67 Å; c = 5.32 Å) [PDF 
entry #04-005-5598], ZrO1.96 (P42/nmc, a = 3.62 Å; c = 5.20 Å) [PDF 
entry #01-081-1546]), as a result of deviations from the stoichiometric 
composition. Thus, a consequence of an increase in the size of ZrO2 
particles at 1200 ◦C is the activation of the phase transformation from 
high-temperature FCC to tetragonal due to a decrease in the relative 
contribution of surface energy to free energy [24]. 

After annealing at 1200 ◦C, the dislocation density decreases to 
(0.7–3) × 1010 cm− 2. In particular, in the presented dark-field image 
(Fig. 7 c), under the indicated diffraction conditions, the dislocation 
density reaches 1.5 × 1010 cm− 2. As can be seen, the dislocations are still 
pinned by nanosized ZrO2 particles, which indicates the implementation 
of the dispersion strengthening mechanism, despite the high (0.67 Tmelt) 
temperature of the stabilizing annealing. 

3.2. Microhardness 

The propagation of the oxidation front is accompanied by a change in 
the microhardness values. The microhardness (HV) of the samples 
before chemical-heat treatment (after TMT-II and 1 h annealing at 1100 
◦С) is 1.71 ± 0.1 GPa. After CHT with СО ≈ 0.6 at. % microhardness at a 
distance of 50 μm from the surface (L) of the sample is HV = 2.03 ± 0.13 
GPa (Fig. 8a), which is almost 20 % higher compared to the initial state. 
At a distance of 100 μm from the surface, HV decreases to 1.8 ± 0.09 
GPa, and at distances of more than 150 μm, the microhardness values are 
close to the initial values. 

An increase in the depth of the oxidation front when the oxygen 
concentration reaches СО ≈ 1 at. % is accompanied by an increase in 
microhardness values both near the surface and at a distance from it. At 
a distance of 50 μm from the surface, HV reaches 2.11 ± 0.1 GPa 
(Fig. 8a). At distances from 100 to 200 μm, the microhardness decreases 
from 1.97 to 1.78 GPa. At a distance of more than 200 μm from the 
surface, HV does not differ from the initial state. 

A significant increase in the microhardness in the entire volume of 
the sample was found when СО reached 1.3 at. %. At a distance of 50 μm 

from the surface, its values reach 2.82 ± 0.11 GPa and gradually 
decrease to 1.95 ± 0.8 GPa at a distance of 450 μm from the surface 
(Fig. 8a). 

An increase in the microhardness of V–Cr–Zr alloy, as a result of an 
increase in the volume fraction of fine-disperse ZrO2 particles at high 
(СО ≈ 1 and 1.3 at. %) oxygen concentrations, simultaneously occurs at 
distances comparable to the half-thickness of the sample. In addition, no 
nanosized ZrC carbides were found in the reaction zone. All this taken 
together testifies to the implementation of the mechanism of non- 
equilibrium internal oxidation. Previously, similar effects were found 
in the process of internal oxidation of zirconium-containing vanadium 
alloys of other systems [10,15]. It is important to note that since the 
formation of oxide particles occurs simultaneously throughout the entire 
thickness of the samples, and the thermodynamic and kinetic conditions 
of their nucleation and growth are practically independent of the dis
tance from the surface, this ensures a uniform distribution of high 
dispersion particles over the depth of the reaction zone [10]. 

Annealing at 1200 ◦C leads to a decrease in the microhardness of 
samples after TMT-II and CHT with different oxygen concentrations 
(Fig. 8b). Samples after TMT-II are characterized by a decrease in 
microhardness to 1.65 ± 0.10 GPa, which is 4 % decrease compared to 
annealing at 1100 ◦C (Fig. 8a). 

For samples after CHT with CO = 1.0 at. %, the HV value near the 
surface (up to 100 μm) as a result of annealing at 1200 ◦C decreases to ≈
1.85 ± 0.1 GPa (Fig. 8b). In this case, at distances of 150–250 μm, HV is 
1.75 ± 0.09 GPa. At a distance from the oxidation surface of 300 μm and 
more, the microhardness corresponds to the TMT-II value with anneal
ing at 1200 ◦C (Fig. 8b). 

In the case of samples after CHT with CO = 1.3 at. % HV, with an 
increase in the distance from the surface from 50 μm to 450 μm, de
creases from 1.98 ± 0.08 GPa to 1.71 ± 0.07 GPa (Fig. 8b), which 
corresponds to the microhardness of the samples after TMT-II with 
annealing at 1100 ◦C (Fig. 8a). 

3.3. Tensile properties 

The change in the structural-phase state as a result of TMT, CHT, and 
stabilizing annealing has a significant effect on the mechanical charac
teristics (yield strength (σ0.1) and relative elongation (δ)) of V–Cr–Zr 
alloy at room and elevated temperatures. Fig. 9 shows σ-ε curves of 
specimen tension at different temperatures (Тt) depending on processing 
conditions. 

Table 2 shows the values of yield strength (σ0.1) and relative elon
gation (δ) depending on the test temperature of V–Cr–Zr alloy after 
TMT-II with stabilizing annealing at 1000 and 1100 ◦C. As can be seen 
from this table, an increase in the stabilization temperature leads to a 
decrease in the yield strength at room temperature by almost 12 %, and 
at 800 ◦C by 14 %. After an increase in the stabilizing annealing 

Fig. 8. Microhardness (HV) of V–Cr–Zr alloy after different processing conditions depending on the distance from the surface (L). a – stabilizing annealing tem
perature 1100 ◦C. b – stabilizing annealing temperature 1200 ◦C. 
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temperature, the ductility of the alloy at room temperature remains 
almost unchanged, while at an elevated temperature it almost doubles 
(Table 2). 

After TMT-II with stabilization at 1000 ◦C under tensile conditions at 
900 ◦C (Table 2), the values of the yield strength of V–Cr–Zr alloy are 
comparable to the values of the yield strength of the alloys of the 
V–4Ti–4Cr system at 800 ◦C after such stabilization [25–27]. 

The values of the yield strength (σ0.1) and relative elongation (δ) 
depending on the test temperature of V–Cr–Zr alloy after different CHT 
modes with stabilizing annealing at 1100 ◦C are given in Table 3. 

In the case of CO ≈ 0.6 at. % the yield strength of V–Cr–Zr alloy at 
room test temperature is comparable to the values after TMT-II stabi
lized at 1100 ◦C. However, at a test temperature of 800 ◦C, the yield 
strength of the alloy after this CHT regime is 14 % lower than the values 
after TMT. Moreover, under tensile conditions at 900 ◦C, the yield 
strength decreases dramatically by almost 20 % compared to 800 ◦C. At 
all tension temperatures, V–Cr–Zr alloy after CHT (CO ≈ 0.6 at. %) ex
hibits a plasticity of 20 %. 

An increase in CO from 0.6 to 1 at. % (Table 3) leads to an increase in 
the yield strength at all studied tensile temperatures: at 20 ◦C σ0.1 in
creases by ≈ 30 %; at 800 ◦С – by ≈ 20 %; at 900 ◦С – by ≈ 35 %. The 
indicated increase in the yield strength with an increase in oxygen 
concentration is accompanied by a more than one and a half-fold 
decrease in plasticity at 20 ◦C and 800 ◦C, while at 900 ◦C it decreases 

by 4.6 times. In comparison with TMT-II with stabilization at 1100 ◦C, 
the increase in the yield strength at 20 ◦C and 800 ◦C is ≈ 25 % and ≈ 4 
%, respectively. At 900 ◦C, the yield strength corresponds to the values 
typical for alloys of the V–4Ti–4Cr system at 800 ◦C [25–27]. This in
dicates at least a 100 ◦C increase in the thermal stability of the strength 
properties of V–Cr–Zr alloy in comparison with the alloys of the 
V–4Ti–4Cr system. 

Upon reaching CO ≈ 1.3 at. % material is characterized by the 
maximum values of the yield strength (Table 3). Compared to CO ≈ 0.6 
at. % increase in σ0.1 values at room temperature is ≈ 75 %, and at 
elevated temperatures (800 and 900 ◦С) by 43 and 50 %, respectively. 
Plasticity does not change at elevated temperatures, and even increases 
by 1.3 times at room temperature. 

The values of the yield strength and plasticity at different tension 
temperatures in the case of stabilization annealing at 1200 ◦C are pre
sented in Table 4. 

Under tension conditions at room temperature specimens with CO ≈

1 and 1.3 at. % are characterized by more than 10 % decrease in yield 
strength compared to stabilization at 1100 ◦С. At a tension temperature 
of 800 ◦C, a decrease in the yield strength for CO ≈ 1 and 1.3 at. % is 10 
% and 15 %, respectively. The largest decrease of σ0.1, about 30 %, is 
observed in the case of tension at 900 ◦C of specimens with CO ≈ 1 at. %. 
At the same tensile temperature, samples with CO ≈ 1.3 at. % show a 
decrease in yield strength of less than 10 %. Note that after stabilization 
at 1200 ◦C, the plasticity remains almost unchanged. Only in the case of 
tension at 800 ◦C for specimens with CO ≈ 1 at. % its one and a half times 
decrease is observed. 

4. Discussion 

A distinctive feature of CHT is an increase in oxygen concentration, 
which contributes to an increase in the volume fraction of the second 
phase. The estimate showed that at CO ≈ 0.64 at. %, CO ≈ 1.02 at. %, CO 
≈ 1.31 at. % volume fraction (f) of the second phase based on ZrO2 in the 
V–Cr–Zr alloy is 0.79 %, 1.25 %, 1.61 %, respectively. These values are 

Fig. 9. Tension σ-ε curves for V–Cr–Zr alloy after TMT-II (1) and CHT with different oxygen concentrations: CO ≈ 0.6 at. % (2); CO ≈ 1.0 at. % (3,4); CO ≈ 1.3 at. % 
(5,6). 1,2,3,5 – after stabilizing annealing at 1100 ◦С. 4,6 – after stabilizing annealing at 1200 ◦С. a – Тt = 20 ◦С; b – Тt = 800 ◦С; c – Тt = 900 ◦С. 

Table 2 
Yield strength (σ0.1) and relative elongation (δ) of V–Cr–Zr alloy after TMT-II 
with stabilizing annealing at 1000 and 1100 ◦C.  

T, ◦C Tt = 20 ◦C Tt = 800 ◦C Tt = 900 ◦C 

σ0.1, MPa δ, % σ0.1, MPa δ, % σ0.1, MPa δ, % 

1000 344 ± 17 21 ± 6 245 ± 12 8 ± 3 173 ± 11 21 ± 10 
1100 304 ± 15 24 ± 6 211 ± 11 15 ± 5 – –  

Table 3 
Yield strength (σ0.1) and relative elongation (δ) of V–Cr–Zr alloy after CHT. 
Stabilizing annealing temperature 1100◦С  

CO, at. % Tt = 20 ◦C Tt = 800 ◦C Tt = 900 ◦C 

σ0.1, MPa δ, % σ0.1, MPa δ, % σ0.1, MPa δ, % 

0.6 291 ± 15 19 ± 5 181 ± 9 21 ± 5 148 ± 8 23 ± 12 
1.0 379 ± 19 13 ± 7 219 ± 11 13 ± 6 200 ± 10 5 ± 2 
1.3 505 ± 25 17 ± 6 273 ± 12 13 ± 5 212 ± 11 5 ± 3  

Table 4 
Yield strength (σ0.1) and relative elongation (δ) of V–Cr–Zr alloy after CHT. 
Stabilizing annealing temperature 1200◦С  

CO, at. % Tt = 20 ◦C Tt = 800 ◦C Tt = 900 ◦C 

σ0.1, MPa δ, % σ0.1, MPa δ, % σ0.1, MPa δ, % 

1.0 336 ± 17 13 ± 6 200 ± 10 7 ± 4 141 ± 19 8 ± 2 
1.3 452 ± 25 13 ± 5 233 ± 12 11 ± 5 194 ± 18 6 ± 3  
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significantly (an order of magnitude or more) higher compared to car
bide strengthening in which the volume fraction of the second phase (f 
≈ 0.08 %) based on ZrC in this alloy is limited by the carbon concen
tration (0.042 at. %). Unlike CHT, in the TMT process of vanadium al
loys, only carbon redistribution is possible during the transformation of 
metastable vanadium-based carbides into stable zirconium-based or 
titanium-based carbides [8,13]. Moreover, due to the low solubility of 
carbon in vanadium [6], there are currently no effective methods for 
further increasing its concentration in such alloys after their melting. As 
a result, it is not possible to increase the volume fraction of the 
ZrC-based carbide phase in the alloy after smelting to values commen
surate with the ZrO2-based oxide phase, and it is not possible to obtain 
such strengthening effects. At the same time, it was shown in Ref. [28] 
that the yield strength of carbide-strengthened alloy 
V-1.34Zr-0.13O-0.04N-1.06C (at. %), in which there was initially high 
(f ≈ 1.99 %) volume fraction of the second phase based on ZrC, after a 
similar treatment (TMT-II with stabilization at 1000 ◦C) under tension 
conditions at 800 ◦C can reach even higher values. 

Table 5 shows estimates of the effects of dispersion strengthening 
(the values of Orowan stress (Δσ)) depending on the volume fraction (f) 
and the size (Rp – radius) of the particles of the second phases. We used 
the ratio Δσ ≈ Gb/λ [23], where λ ≈ Rp•(2π)1/2•(3f)− 1/2 is the distance 
between particles (for vanadium, the shear modulus G ≈ 47,300 MPa 
[29], and the modulus of the Burgers vector of gliding dislocations b =
a/2 <111> [29] ≈ 0.262 nm). 

It should be noted that dispersion strengthening by the Orowan 
mechanism [23] is extremely sensitive to the size of particles that pin the 
dislocation structure. Estimates, assuming that the entire volume frac
tion of the second phase is present in the form of fine particles providing 
dispersion strengthening, demonstrate a high level of Orowan stresses 
(Table 5). At the same time, the efficiency of dispersion strengthening 
decreases in proportion to the increase in the size (diameter) of the 
particles. In particular, an increase in the particle size from 3 nm to 15 
nm, with a constant volume fraction, leads to a fivefold decrease in the 
Orowan stress. In addition to fine-disperse particles, the material ex
hibits a high density of large particles ranging in size from several tens to 
several hundred nm, which practically do not participate in dispersion 
strengthening. With a small amount and low density, it is the large 
particles that can account for a significant volume fraction of the entire 
second phase. For comparison, a particle with a diameter of 100 nm has 
a volume of 5.2•105 nm3, which is almost 1000 times larger than the 
volume of particle with a size (diameter) of 10 nm (523 nm3) and almost 
37,000 times larger than the volume of a particle with a size of 3 nm 
(14.13 nm3). In addition, it is extremely difficult to assess the direct 
contribution from fine particles of one size or another. 

Comparison of the strength of the alloy after TMT and CHT with 
stabilization at 1100 ◦C allows demonstrating the effect of the volume 
fraction of the second phase. In the case of СO = 1.0 at. %, the average 
σ0.1 values are higher compared to TMT-II by 75 MPa at Tt = 20 ◦C and 
by 8 MPa at Tt = 800 ◦C. At a higher concentration of СO = 1.3 at. % 

increase in σ0.1, in comparison with TMT-II, at Tt = 20 ◦C and Tt =

800 ◦C is 225 and 89 MPa, respectively. Such an increase in mechanical 
properties at room and elevated temperatures, in our opinion, is mainly 
due to dispersion strengthening. As is known [30–32], the efficiency of 
solid solution strengthening by introduction elements of alloys based on 
refractory metals dramatically decreases at temperatures above 0.45 
Tmelt. In many respects, this concerns carbide-strengthened alloys. In 
this case, an important distinguishing feature of oxygen from carbon is 
its high solubility in vanadium at elevated temperatures [6]. In Refs. 
[10,15], we showed that in the CHT process, by the mechanism of 
nonequilibrium internal oxidation in vanadium alloys, not only a high 
density of fine particles based on ZrO2 is formed, but also a high oxygen 
concentration in the solid solution is achieved, which is one of the main 
factors determining an increase in the thermal stability of such alloys. 
That is, when the growth of particles is controlled by the diffusion of 
zirconium atoms, an increase in the concentration of oxygen in the solid 
solution leads to a decrease in the rate of coagulation of oxides and an 
increase in the thermal stability of the high-disperse heterophase state 
[10,15]. 

In our opinion, it is the high density of fine particles based on ZrO2, 
along with an increased oxygen concentration in the solid solution (up to 
0.1 at. %), that contribute to the retention of high-defect structural states 
with nonzero values of the crystal lattice curvature even after high- 
temperature (0.67 Tmelt) anneals. In particular, these are the structural 
states with crystal lattice curvature (χij) up to 5 deg/μm found after 
annealing at 1200 ◦C. As is known [18], strong interdislocation in
teractions and high local internal stresses characteristic of these struc
tural states make it difficult to analyze these states within the framework 
of the traditional dislocation theory of plasticity and require taking into 
account collective phenomena in ensembles of strongly interacting dis
locations of the same sign. Within the framework of concepts [33], such 
structural states can be represented as clusters of geometrically neces
sary dislocations of the same sign (ρ±). The estimates made according to 
the formula ρ± = ρ- - ρ+ = χij/∣b∣ [18] (where ∣b∣ for the Burgers dislo
cation vector modulus in vanadium equal to 0.3024 nm) show that the 
formation of a crystal lattice curvature of 5 deg/μm in vanadium re
quires a density of geometrically necessary dislocations of the same sign 
≈ 3 1010 cm− 2. As can be seen, this value coincides with the lower 
boundary of the range of the observed scalar dislocation density in the 
depth of the oxidation front after stabilization at 1100 ◦C and is 3 times 
higher than the maximum values of the scalar dislocation density after 
TMT II with stabilization at 1100 ◦C. According to Ref. [18], structural 
states with a crystal lattice curvature are characterized by the presence 
of local internal stresses (σloc). Estimates made using the formula σloc ≈

χijEΔh/2 [18] (where E is Young’s modulus of pure vanadium, 123 GPa; 
Δh is the characteristic size of the curvature zone, 200 nm) show that 
σloc reaches the values of E/115, which corresponds to elastic defor
mation of the crystal lattice ε = Δd/d ≈ 0,00873 (less than 1 %). With an 
increase in the size of the zone of the crystal lattice curvature of 5 
deg/μm to 400 nm, σloc increases to E/57, therefore, ε increases to 
0.01746, that is, it is more than 1.5 %. 

As is known [34–36], the formation of high defect structural states, 
including nanocrystalline and submicrocrystalline, in many metals and 
alloys is often accompanied by a decrease in the recrystallization tem
perature, reaching several hundred degrees, which has a significant ef
fect on the complex of their physical and mechanical properties. In the 
case of heterophase alloys, which include low-activation vanadium al
loys of different systems, the thermal stability of high defect structural 
states is determined by the volume fraction of fine particles in combi
nation with the concentration of interstitial impurities in the solid so
lution. In particular, it was shown in Ref. [37] that the alloy 
V-4.47Ti-4.26Cr-0.063O-0.040N-0.055C (at. %), characterized by a 
volume fraction of fine TiC particles no more than 0.08 %, has a high 
defect nanostructural state and corresponding high values of micro
hardness retained only up to a temperature of 600 ◦С (0.4 Tmelt). In this 
case, the volume fraction of the entire oxycarbonitride phase of the Ti 

Table 5 
Estimates of Orowan stresses (Δσ, MPa) depending on the volume fraction and 
particle size of the second phase.  

Particles volume fraction, f, % Particles size (diameter – 2•Rp), nm 

3 5 10 15 

Orowan stresses Δσ, MPa 

1.61 724 435 217 145 
1.25 638 383 191 128 
1.00 571 343 171 114 
0.79 507 304 152 101 
0.11 189 114 57 38 
0.08 161 97 48 32 
0.04 114 69 34 23 
0.02 81 48 24 16  
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(N, C, O) type based on Ti, as the most active phase-forming element, 
according to estimates [8], does not exceed 0.24 %. After annealing at 
800 ◦С (0.5 Tmelt), a dramatic decrease in the microhardness values and 
activation of recrystallization processes were found. 

At the same time, in the internally oxidized V–Cr–Zr alloy with a high 
(1.3 at. %) oxygen concentration studied in this work, in paper [16] 
authors demonstrated a significant (up to 800 ◦C, ~ 0.5 Tmelt) increase in 
the thermal stability of high-defect structural states formed under con
ditions of high plastic deformations. Also an increase in the Hall-Petch 
coefficient by 60 %, compared to pure vanadium, was found. In this 
case, the fine-crystalline state is retained even after annealing at a 
temperature of 1200 ◦C, which is 0.67 Tmelt. 

The presence of a high density of fine particles along with a high 
concentration of oxygen in the solid solution promotes blocking of 
dislocation slip, thereby ensuring the stability of the defect and grain 
structure even at high temperatures. This fact testifies to the high effi
ciency of dispersion and substructural strengthening. In this regard, the 
use of CHT methods based on internal oxidation as a way to increase the 
volume fraction of fine particles and the oxygen concentration in a solid 
solution compares favorably with carbide strengthening when creating 
high-defect structural states with increased thermal stability and level of 
strength properties. 

5. Conclusions 

A comparative study has shown that the implementation of CHT by 
the method of low-temperature diffusion alloying provides a significant 
increase in the thermal stability of the microstructure and properties of 
V–Cr–Zr alloy compared to the increase in the efficiency of carbide 
strengthening as a result of using TMT. Samples after CHT demonstrate 
comparable or significantly higher values of yield strength compared to 
TMT, including after stabilizing anneals at higher temperatures. 

The effectiveness of this approach is associated not only with the 
possibility of a controlled increase in the volume fraction of ZrO2-based 
fine particles, but also with an increase in the oxygen concentration in 
the solid solution, which leads to a decrease in the rate of coagulation of 
oxides and an increase in the thermal stability of the high disperse 
heterophase state. The latter manifests itself in the retention of high- 
defect structural states with nonzero values of the crystal lattice cur
vature even after high-temperature (0.67 Тmelt) anneals. 

The high efficiency of dispersion and substructural strengthening is a 
consequence of blocking dislocation slip by fine particles stabilized by 
oxygen in a solid solution, which ensures the stability of a high-defect 
state even at high temperatures. 
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