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A B S T R A C T   

Depending on the application, establishing a strategy for selecting the type of powder bed fusion tech-
nology—from electron beam (EB-PBF) or laser powder bed fusion (L-PBF)—is important. In this study, we 
focused on the β-type Ti–15Mo–5Zr–3Al alloy (expected for hard-tissue implant applications) as a model ma-
terial, and we examined the variations in the microstructure, crystallographic texture, and resultant mechanical 
properties of specimens fabricated by L-PBF and EB-PBF. Because the melting mode transforms from the con-
duction mode to the keyhole mode with an increase in the energy density in L-PBF, the relative density of the L- 
PBF-built specimen decreases at higher energy densities, unlike that of the EB-PBF-built specimen. Although both 
EB-PBF and L-PBF can obtain cubic crystallographic textures via bidirectional scanning with a 90◦ rotation in 
each layer, the formation mechanisms of the textures were found to be different. The <100> texture in the build 
direction is mainly derived from the vertically grown columnar cells in EB-PBF, whereas it is derived from the 
vertically and horizontally grown columnar cells in L-PBF. Consequently, different textures were developed via 
bidirectional scanning without rotation in each layer: the <110> and <100> aligned textures along the build 
direction in L-PBF and EB-PBF, respectively. The L-PBF-built specimen exhibited considerably better ductility, 
but slightly lower strength than the EB-PBF-built specimen, under the conditions of the same crystallographic 
texture and relative density. We attributed this to the variation in the microstructures of the specimens; the 
formation of the α-phase was completely absent in the L-PBF-built specimen. The results demonstrate the 
importance of properly selecting the two technologies according to the material and its application.   

1. Introduction 

Electron beam powder bed fusion (EB-PBF) [1–5] and laser powder 
bed fusion (L-PBF) [1–4] are representative powder bed fusion additive 
manufacturing (AM) technologies used for metallic materials. Both 
technologies can produce components with high geometrical accuracy 
and good mechanical properties [1–5]. However, there exist several 
prominent differences between EB-PBF and L-PBF, as presented in 
Supplementary Table 1s, which must be considered when selecting be-
tween these two technologies for practical applications: 

First, EB-PBF and L-PBF use electrons and laser beams as heat 
sources, respectively. The power of the EB-PBF is as high as 3 kW, and 
the energy usage efficiency of the electron beam is significantly high 
because of the high-energy transformation through electron and powder 
collisions and vacuum working conditions. Because a vacuum can 
reduce collisions between electrons and residual gas during the transfer 
process, even refractory metals and alloys can be easily melted [1–3,5]. 
The energy absorption of a laser beam relies on thermal radiation, which 
is significantly affected by the laser wavelength, temperature, materials, 
gas atmosphere, and surface morphology [6]. For example, the energy 

* Corresponding author at: Division of Materials and Manufacturing Science, Graduate School of Engineering, Osaka University, 2-1 Yamadaoka, Suita 565-0871, 
Japan. 

E-mail address: nakano@mat.eng.osaka-u.ac.jp (T. Nakano).  

Contents lists available at ScienceDirect 

Additive Manufacturing 

journal homepage: www.elsevier.com/locate/addma 

https://doi.org/10.1016/j.addma.2021.102329 
Received 5 May 2021; Received in revised form 10 September 2021; Accepted 13 September 2021   

mailto:nakano@mat.eng.osaka-u.ac.jp
www.sciencedirect.com/science/journal/22148604
https://www.elsevier.com/locate/addma
https://doi.org/10.1016/j.addma.2021.102329
https://doi.org/10.1016/j.addma.2021.102329
https://doi.org/10.1016/j.addma.2021.102329
http://crossmark.crossref.org/dialog/?doi=10.1016/j.addma.2021.102329&domain=pdf
http://creativecommons.org/licenses/by/4.0/


Additive Manufacturing 47 (2021) 102329

2

absorptivity of copper is as low as 2–3% for a Yb laser at 25 ◦C [7]. 
Therefore, obtaining the fully dense part of copper by L-PBF is consid-
erably difficult, although the melting point of copper is lower than that 
of iron. In contrast, the copper part fabricated by EB-PBF exhibits a high 
density [8]. However, the electron beam is easily disturbed by the 
magnetic field, whereas the laser beam is not. Therefore, strong mag-
netic materials such as NdFeB, which are difficult to treat by EB-PBF, can 
be fabricated via L-PBF [9]. 

Second, the beam size is smaller in the L-PBF than in the EB-PBF. A 
smaller beam size in L-PBF can increase the processing accuracy. 
Conversely, a larger beam size in EB-PBF can produce a shallower and 
wider melt pool, thereby decreasing the porosity by preventing the void 
generated by the lack of overlap of the melt pools [10]. 

Third, a coarser powder (60–105 µm) is used in EB-PBF whereas a 
finer powder (10–60 µm) in L-PBF [2]. Thus, the surface roughness of 
L-PBF is generally lower than that of EB-PBF [11]. 

Fourth, the scanning speed during the melting process is higher in 
EB-PBF than in L-PBF [12]. Thus, the build speed of EB-PBF is often 
higher than that of L-PBF [4], although the additional preheating pro-
cess in EB-PBF increases the production time. In addition, a larger layer 

thickness is employed in EB-PBF [1,4] because of the use of a coarser 
powder, which is another reason for the high build speed. 

Fifth, EB-PBF works in a vacuum atmosphere with a lower partial 
pressure (0.2 Pa) of He gas during the melting process [1,3–5], whereas 
L-PBF works in an Ar or N2 protection atmosphere with an O2 content 
less than 0.1 vol% [1,3,4]. Therefore, oxidation of the powder can be 
more easily prevented in EB-PBF. 

Finally, in EB-PBF, an additional preheating process is often carried 
out in each layer, wherein the powder is slightly sintered via a defocused 
beam with a high scanning speed to improve the conductivity of the 
powder and prevent a smoking phenomenon because of charge accu-
mulation [1–5]. The preheating temperature is maintained at approxi-
mately 0.5–0.8 times the melting point of the material [1,4,5], which 
can reduce the residual stress, enabling control of the high-temperature 
microstructure in heat-resistant alloys, such as TiAl [13,14]. In the case 
of L-PBF, although the substrate can be heated up to 200 ◦C to increase 
the bonding between the build part and substrate, the residual stress in 
the L-PBF-built sample is still significantly large [15]. 

In addition to these differences between EB-PBF and L-PBF, the mi-
crostructures and resultant mechanical properties of the products 

Fig. 1. Morphology of the powders used in (a) EB-PBF and (b) L-PBF and (c) X-ray diffraction profiles of the powders showing the constituent phase consisting of 
β-phase and a small amount of α′′-phase. 
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fabricated using these technologies should be considered when selecting 
these two technologies to obtain excellent properties. Several re-
searchers have indicated a preference for L-PBF-built materials to form 
single phases [16], martensite [17], nanosized precipitates [18,19], fine 
columnar cells [19], and more pores [16,17], compared to EB-PBF-built 
materials. Some L-PBF-built materials, such as Ti–6Al–4V [17] and 
stainless steel 316L [18], have been reported to exhibit higher strength 
and corrosion resistance, but lower ductility and shorter fatigue life than 
EB-PBF-built materials. The lower ductility in the L-PBF-built Ti–6Al–4V 
alloy and stainless steel 316L was attributed to the formation of brittle 
α′-phase and element-segregated subgrain structures, respectively. The 
shorter fatigue life in the L-PBF-built Ti–6Al–4V alloy and stainless steel 
316L was reportedly related to pore formation and unmelted powders, 
respectively [17,18]. 

The abovementioned studies have compared the microstructures and 
mechanical properties of the components fabricated via EB-PBF and L- 
PBF without optimized building conditions, which is required to ensure 
a legitimate comparison. To obtain the optimized condition, establishing 
a process map—which demonstrates the variation in specific properties 
as a function of the process parameters—is effective. 

In addition, the formation of a crystallographic texture is an 
important feature of AM [20–26], which can significantly affect the 
mechanical properties of the fabricated part [20–24]. Many studies have 
focused on the development of crystallographic texture during AM 
[20–26], but no systematic study has focused on the differences between 
EB-PBF and L-PBF using the same starting material. 

In this study, we focused on the β-type Ti–15Mo–5Zr–3Al (wt%) alloy 
with body-centered cubic (bcc) structure as a representative material for 
comparing EB-PBF and L-PBF [27]. It is a promising material for hard 
tissue implants with low Young’s modulus, and has been approved by 
the International Organization for Standardization (ISO 5832-14) [28, 
29]. Implants for hard tissue need to be adapted to the shape of the host 
bone and should also have Young’s modulus as low as that of the human 
bone to prevent stress shielding [30], for better repair of bone injuries. 
These requirements can be simultaneously satisfied via AM technology 
because of its processing ability to make any shape and control the 
single-crystalline-like microstructure. Although Young’s modulus of the 
Ti–15Mo–5Zr–3Al alloy is ~ 84 GPa in the polycrystalline form [31], it 
can be lowered to approximately 44 GPa in a single crystal fabricated by 
the floating zone method when the crystal orientation is controlled to be 
<100> [32]. This value is considerably close to that of human bone 
(10–30 GPa [33]). Our group previously attempted to reduce Young’s 
modulus by L-PBF via the development of crystallographic texture, and 
we achieved a reduction to ~ 69 GPa [22]. 

Here, pure Ti has a bcc structure at high temperatures (β-phase), but 
transforms into a hexagonal close-packed (hcp) structure at low tem-
peratures (α-phase). Adding a sufficient amount of bcc-phase-stabilizing 
elements—such as Mo, Nb, and Ta—stabilizes the bcc structure, even at 
room temperature. However, it sometimes accompanies the formation of 
other phases, such as orthorhombic α′′-phase, hexagonal ω-phase, and 
martensitic hexagonal α’-phase, depending on the alloy composition, 
temperature, cooling rate, etc. [28]. Generally, their formation in β-Ti 
increases its strength but accompanies a decrease in ductility [28]. 
Furthermore, the formation of the α-, α’-, α′′-, and ω-phases increases the 
Young’s modulus of the alloy [32,34]. As a result, their formation 
behavior must be controlled to consider its application as an implant 
material. For the Ti–15Mo–5Zr–3Al alloy, Mo was added as the 
bcc-phase-stabilizing element. Concerning the effect of Al addition on 
the microstructure of β-Ti alloys, Williams et al. first reported that Al 
addition strongly suppressed the precipitation of the ω-phase [35], 
which improved the ductility of β-Ti alloys. The addition of Zr in 
Ti–15Mo alloy was also reported to retard the precipitation of the 
ω-phase [36]. Considering this background, clarifying the effect of dif-
ferences between L-PBF and EB-PBF on the variations in the micro-
structure is crucial. 

In this study, we first established process maps to determine the 

appropriate fabrication conditions for each method in terms of densifi-
cation and crystallographic texture evolution. We systematically studied 
the texture, microstructure, and mechanical properties of the 
Ti–15Mo–5Zr–3Al alloy fabricated by using EB-PBF and L-PBF to pro-
vide a fair and reliable comparison and a strategy to develop advanced 
materials with superior properties via AM. 

2. Methodology 

2.1. EB-PBF and L-PBF process 

The gas-atomized powders of the Ti–15Mo–5Zr–3Al alloy from the 
same production batch were used to compare the EB-PBF and L-PBF 
processes. Larger powders with particle sizes ranging from 44 µm (D10) 
to 100 µm (D90) (70 µm on average), were used in EB-PBF (Q10, Arcam, 
Sweden), whereas smaller powders, with particle sizes ranging from 18 
µm (D10) to 44 µm (D90) (30 µm on average), were used in L-PBF (M290, 
EOS, Germany). Supplementary Table 2s lists the variations in the 
chemical compositions of the main elements in the Ti–15Mo–5Zr–3Al 
alloy before and after the EB-PBF and L-PBF processes. 

The chemical compositions of the two types of raw powders are 
almost the same. The powders were spherical with several satellites, as 

Fig. 2. Process map showing the (a) surface morphology and (b) relative 
density in EB-PBF and L-PBF. Insets in (a) show the typical top surface 
morphology with porous, flat, and swelling shapes in the EB-PBF- and L-PBF- 
built specimens, whereas those in (b) show the morphology of the pores in the 
EB-PBF- and L-PBF-built specimens selected for the tensile test. The colors in (b) 
represents the relative densities of the build part, with the red region indicating 
a relative density of the build part exceeding 99%. A white dashed line in (b) 
indicates the boundary of the L-PBF and EB-PBF areas. Note that the process 
conditions used in both L-PBF and EB-PBF coexist on the dashed line. 
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shown in Fig. 1(a) and (b). To identify the constituent phases, X-ray 
diffraction (XRD) pattern was recorded with a step size and time per step 
of 0.0084◦ and 29.8 s, respectively (Philips PW3040/60 X-pert Pro, 
PANalytical B.V., Netherlands). Cu-Kα radiation generated at a tube 
voltage and tube current of 45 kV and 40 mA, respectively, was used. 
The XRD analysis of the powder, as shown in Fig. 1(c), indicates that the 
constituent phases in the powder were a β-phase and a small amount of 
orthorhombic α′′-phase martensite [37]. The α′′-phase may have been 
caused by rapid cooling during the gas atomization process. The precise 
volume fraction of the α′′-phase could not be evaluated, but the highest 
intensity of the α′′-phase in the XRD profile was less than 1/8 of that of 
the β-phase. In the powder, the presence of a small amount of ω-phase is 
supposed, but detecting it in the conventional XRD analysis was 
difficult. 

Cuboids with dimensions of 10 mm × 10 mm × 50 mm and 
5 mm × 5 mm × 25 mm were fabricated by using EB-PBF and L-PBF, 
respectively, with their short edges parallel to the scanning directions 
and long edges parallel to the build direction. A smaller sample was 
prepared in L-PBF because the power and energy absorptivity of the 
laser beam are smaller than those of the electron beam. If the same cross- 
sectional size was used, the energy density of the laser beam would be 
much smaller than that of the electron beam at the same fabrication 
parameters. In this case, the available process window for high density 
and strong crystallographic texture would be quite narrow in L-PBF, 
which makes the comparison by using a similar microstructure difficult. 
Therefore, a smaller cross-sectional size was used in the L-PBF. The 
geometric size of the fabricated sample is indeed one of the factors that 
affect the fabrication conditions and the resultant microstructure. In this 
study, the mechanical properties of L-PBF- and EB-PBF-built specimens 
were examined in specimens with optimized textures and microstruc-
tures, by making the process map shown later in Figs. 2 and 4. This 
enabled a reasonable comparison of the mechanical properties of EB- 
PBF and L-PBF. 

Supplementary Table 3s lists the main fabrication process parame-
ters used in this study. Parameters, other than the beam power and 
scanning speed, were adjusted to the same values as possible to reduce 
the number of factors influencing the microstructure. The preheating 
temperatures for L-PBF and EB-PBF listed in Supplementary Table 3s 
indicate the initial temperature of the first layer. As the build height 
increases, the initial temperature of the build layer increases and ap-
proaches a stable value after a height by equilibrating the input and loss 
of heat, although the equilibrium temperature has not yet been experi-
mentally determined. 

In this study, the build direction was defined as the z-axis, and the 
scanning directions perpendicular to the z-axis were defined as the x- 
and y-axes. The scanning strategy was mainly bidirectional scanning 
with a 90◦ rotation in each layer, that is, an XY-scan. To clarify their 
texture formation mechanisms, some products were additionally pre-
pared by using an X-scan without a 90◦ rotation in each layer. 

2.2. Microstructure and mechanical property characterization 

The cuboids were cut into two along the yz-plane in the center and 
then the yz-plane microstructure near the final upper layers of the built 
sample was analyzed using scanning electron microscopy (SEM) (JIB- 
4610F, JEOL, Japan) and transmission electron microscopy (TEM) 
(JEM-3010, JEOL, Japan). Before the SEM observations, the specimens 
were etched in a solution consisting of 2% HNO3, 1% HF, and 97% H2O 
for approximately 1 min with ultrasonic vibration at room temperature 
to clearly observe the melt-pool traces and grain boundaries. Thinning of 
the foil for TEM observation was conducted on a twin-jet machine 
(Tenupol-3, Struers, Denmark), with a solution consisting of 6% HClO4, 
35% butanol, and 59% methanol at approximately − 25 ◦C. The relative 
density was obtained by calculating the average of the pore fraction in 
five SEM images captured at different positions of each specimen with 
mirror polishing using Image-Pro® Plus software to determine the 

tendency of the variation with different fabrication process parameters. 
The crystallographic textures developed in the specimens were exam-
ined by electron backscatter diffraction pattern analysis in the SEM, at a 
measured step size of 3 µm and an accelerating voltage of 20 kV. The 
software used for data collection and data processing were Aztec (Ox-
ford Instruments, UK) and Channel 5 (Oxford Instruments, UK), 
respectively. We used the HKL tango in Channel 5 to clean up the inverse 
pole figure map by using the neighbors of 3 in the zero solutions of noise 
reduction windows. 

The EB-PBF (E = 36 J/mm3, v = 5000 mm/s) and L-PBF (E = 50 J/ 
mm3, v = 1200 mm/s) specimens with a relatively high density and 
strong texture were selected to compare the mechanical properties. 
Here, E and v indicate the output energy density and beam scanning 
speed in the AM process, respectively. Tensile specimens with a gauge of 
5 mm length, 1.5 mm width, and 0.8 mm thickness were extracted near 
the final upper layers of the built sample. The loading direction and 
thickness direction were set parallel to the z- and x-axes, respectively. 
Tensile tests were performed on three specimens under each condition at 
room temperature, with a strain rate of 1.67 × 10− 4 s− 1. To remove the 
influence of hydrogen embrittlement (if any), the tensile tests were 
conducted in a vacuum. The evaluation of nominal strain was evaluated 
by the displacement of the cross-head in the tensile apparatus, and the 
nominal stress was measured by a load cell. 

2.3. Numerical simulation 

From the experiment described in Section 2.2, the shape of the melt 
pool was suggested to be an important factor in controlling the texture 
evolution behavior, as described in detail later. A numerical simulation 
was conducted to confirm this and identify the factors that govern the 
shape of the melt pool. The 3D transient melt-pool model was developed 
using the commercial software COMSOL Multiphysics 5.2a (COMSOL 
Inc., USA). The width and length of the base material domain were 
10 mm × 10 mm for the EB-PBF and 5 mm × 5 mm for the L-PBF. To 
improve the calculation efficiency, the height of the base material do-
mains was only 1 mm for both EB-PBF and L-PBF. The dimensions of the 
domain of the powder were 10 mm × 10 mm × 0.05 mm for EB-PBF 
and 5 mm × 5 mm × 0.06 mm for L-PBF. One track in each layer was 
calculated. Fine and coarse meshes were used around the molten and 
surrounding regions, respectively. The heat transfer in the investigated 
model included heat absorption from the heat source, heat conduction in 
the powder and base material, heat dissipation through convection be-
tween the material boundary and chamber atmosphere, and heat radi-
ation from the heated material. 

The electron and laser beams are assumed to satisfy a Gaussian dis-
tribution, and their energy distributions in the three dimensions can be 
expressed as 

Q =
4αP

πR2H
exp

(

−
2r2

R2

)(
1 −

z
H

)
(0 < z < H), (1)  

in which α is the absorption coefficient of the beam, P is the output 
power of the beam, R is the radius of the beam, r is the distance from a 
point at the focus plane to the center of the beam, H is the influence 
depth of the beam with the maximum energy intensity, and z is the in-
fluence depth of the beam with arbitrary energy. 

The heat conduction can be expressed by Fourier’s equation [38]. 

ρCp
∂T
∂t

- k∆T = Q (2) 

Here, ρ is the effective density (kg/m3), Cp is the heat capacity at 
constant pressure (J/(kg K)), T is the temperature (K), t is the time (s), k 
is the thermal conductivity (W/(m K)), and Q is the heat per volume 
obtained from the heat source (W/m3). 

The effective density is determined as 

ρ = ρ0(1 − Φ), (3) 
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where ρ0 is the solid density of the material and Φ is the porosity. Here, 
the porosity of the powder layer was considered to be 0.5, whereas at the 
bulk layer it was considered to be 0. 

The thermal conductivity of the powder is defined as 

kpowder = k0(1 − Φ) (4)  

in which kpowder and k0 are the thermal conductivities of the powder and 
solid, respectively. 

The heat loss by convection can be expressed as 

Qcon = h(T − Tatm) (5)  

in which h is the coefficient of heat convection and Tatm is the atmo-
spheric temperature, which was set to 25 ◦C. The heat loss by convection 
with air is neglected in EB-PBF because of its high vacuum (~ 0.1 Pa). 

The heat loss by radiation can be expressed by the Stefan–Boltzmann 
law: 

Qrad = εσ
(
T4 − T4

atm

)
(6) 

Here, ε is the material emissivity and σ is the Stefan–Boltzmann 
constant. 

The initial temperature in the powder and base material regions at 
zero time was 80 ◦C for L-PBF and 520 ◦C for EB-PBF. 

The natural boundary condition for the powder surface can be 
expressed as [39]. 

− k
∂T
∂n

= Q − Qcon − Qrad (x, y, z) ∈ S, (7)  

where S represents the powder surface irradiated by the beam and n is 
the normal vector of surface S. 

Supplementary Tables 4s and 5s list the physical properties of the 
Ti–15Mo–5Zr–3Al alloy [40] and the heat source parameters of L-PBF 
and EB-PBF used in the finite-element simulation, respectively. 

3. Results 

3.1. Comparison of process maps for surface morphology and relative 
density 

To optimize the fabrication conditions, process maps of the surface 
morphology and relative density were studied first, as shown in Fig. 2. 
The surface morphologies of the specimens formed under different 
conditions were categorized as porous, flat, and swelling types and their 
variation with output energy density and scanning speed were investi-
gated, as shown in Fig. 2(a). Here, the output energy density E is defined 
as  

E = P/(vdt),                                                                                    (8) 

where P is the beam power (for EB-PBF, P = UI, U is voltage, and I is 
current), v is the scanning speed, d is the distance between the neigh-
boring scanning tracks, and t is the layer thickness. The surface mor-
phologies were classified by observing their appearance. A more 
quantitative consideration will be required in the future. 

As shown in Fig. 2(a), as the output energy density increased, the 
surface morphology of the specimens tended to vary from a porous 
shape to flat and swelling shapes in both EB-PBF and L-PBF. Because 
using an electron beam with excessively high output energy largely 
melts the metal, the surface of the specimen is abnormally raised, which 
can damage the powder brush. In such a case, we terminated the 
experiment at an early stage of fabrication to protect the machine. Thus, 
we could not obtain a sample for evaluation for these high-energy EB- 
PBF regions. The surface morphologies varied between EB-PBF and L- 
PBF for fabrication with identical output energies and scanning speeds. 
Maintaining a flat specimen top surface is important for forming a stable 
and uniform powder bed and the subsequent production of dense parts. 
Fig. 2(a) shows that the fabrication condition window, which enables us 
to obtain a flat surface, is completely separated for EB-PBF (red back-
ground) and L-PBF (blue background) with respect to the scanning 

Fig. 3. Back scattered electron (BSE) images showing the morphology and position of the pores in the (a) and (b) EB-PBF-built specimens and (c) and (d) L-PBF-built 
specimens at (a) and (c) low and (b) and (d) high energy densities. 
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speed. This is believed to be primarily due to the difference in energy 
absorption activities (electron (0.9 [41]) and laser beams (0.7 [42]) for 
the Ti alloy) and preheating temperatures between EB-PBF and L-PBF 
(refer to Supplementary Table 1s). 

Fig. 2(b) shows the variation in the relative density with the output 
energy density and scanning speed. At the same output energy density, 
the relative density increased as the scanning speed increased for both 
EB-PBF and L-PBF because a higher scanning speed reduces the time 
interval for melting between adjacent points in the adjacent scanning 
tracks, thus decreasing the thermal loss of the return point during the 
time interval. That is, the initial melting temperature increases at higher 
scanning speeds. However, when the scanning speed is considerably 
higher, the preheating effect from the adjacent track is insufficient to 
ensure the complete melting of the powder for the sharply reduced line 
energy density. Thus, the relative density decreases with the scanning 
speed at higher scanning speeds, particularly for L-PBF with a lower heat 
energy density. At the same scanning speed, the relative density 
generally increases with increasing output energy in the EB-PBF. How-
ever, as shown in Fig. 2(b), the tendency changed in L-PBF when the 
scanning speed was lower than 1000 mm/s, and the relative density 
decreased at higher output energy densities. 

To elucidate this difference, the generation mechanism of the pores 
at different energy densities (marked by points a, b, c, and d in Fig. 2(b)) 
was investigated, as shown in Fig. 3. In both EB-PBF and L-PBF, lack-of- 
fusion-type defects were present in the specimens fabricated under the 
lower output energy, as shown in Fig. 3(a) and (c), because of the 
insufficient thermal energy supplied to the melt powders. With the 
higher output energy in EB-PBF shown in Fig. 3(b), the lack-of-fusion- 
type defects disappeared, and a dense specimen was obtained. Howev-
er, numerous round pores—indicated by the black arrows in Fig. 3(d)— 

were observed at the bottom of the keyhole-shaped melt pools of the L- 
PBF-built specimens at a high energy density. The recoil pressure, which 
results from the collision between the evaporated gas and atmospheric 
gas, forms keyhole-type melt pools, and gas is entrapped during the 
collapse of the keyhole-type melt pools [10,43]. Thus, keyhole-type 
pores do not form in EB-PBF under vacuum, whereas they form in 
L-PBF under a gaseous (generally Ar or N2) atmosphere. However, when 
the scanning speed was increased in L-PBF, pores were rarely observed 
at the bottom of the keyhole-type melt pool at the same high energy 
density, and dense specimens were obtained. This may be because the 
higher scanning speed makes the melt pool unstable by increasing the 
Rayleigh instability and/or Marangoni convection [44]. The 
keyhole-type melt pool collapsed before solidification. As a result, the 
gas was not easily entrapped in the solidified part. 

3.2. Comparison of the crystallographic texture formation 

Fig. 4(b)–(d) show the crystallographic texture process map with the 
output energy density and scanning speed along the x-, y-, and z-build 
directions in the XY-scan specimens, whereas Fig. 4(a) shows the typical 
crystal orientation maps. As described earlier in Section 2.2, the 
microstructure observation was conducted on the yz-plane; Fig. 4(a) 
indicates the crystal orientation color along the build direction as a 
representative example. In this study, the same expression method for 
the crystal orientation was used in the other crystal orientation maps, 
unless otherwise specified. Fig. 4(a) demonstrates that a cubic texture 
can be formed in both the EB-PBF- and L-PBF-built specimens under the 
optimized condition—that is, the <100> orientation is preferentially 
aligned parallel to the x-, y -, and z-directions. This feature is desirable 
for the development of noble implants because the alignment of the 

Fig. 4. (a) Crystallographic maps showing the single-crystal-like microstructure formed in the L-PBF- and EB-PBF-built specimens at the optimized conditions. The 
process map of <100> intensity in the (b) x-scanning direction, (c) y-scanning direction, and (d) build directions in EB-PBF and L-PBF. White dashed lines in (b)–(d) 
indicate the boundary of the L-PBF and EB-PBF areas. Note than the process conditions used in both L-PBF and EB-PBF coexist on the dashed line. 
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<100> orientation is important for inducing an extremely low Young’s 
modulus [32], as described earlier in Section 1. The directionality of the 
<100> orientation was quantitatively evaluated, as shown in Fig. 4(b)– 
(d). In Fig. 4(b)–(d), the color in the map indicates the area fraction of 
the <100> grains along the measured direction, with a deviation of 15◦. 
Fig. 4(b)–(d) also demonstrate that the single-crystalline-like micro-
structure in which <100> is aligned along all the x-, y-, and z-directions 
formed at a moderate energy density and scanning speed in L-PBF, 
whereas it was developed at a moderate energy density and low scan-
ning speed in EB-PBF. Note that the texture intensity in the EB-PBF-built 
specimen was considerably higher than that in the L-PBF-built specimen 
in the x-, y -, and z-directions. 

To clarify the origin of the difference in texture intensity, further 
microstructural observations were performed. Fig. 5(a) and (c) show the 
SEM images of the EB-PBF- and L-PBF-built specimens, the morphol-
ogies of the grain boundaries, and the traces of melt pools examined by 
etching and their enlarged images. Fig. 5(b) and (d) show the corre-
sponding crystal orientation map along the z-axis (build direction). Note 
that the observation was conducted at the top layer of the built product 
to examine the shape of the melt pool without the influence of subse-
quent repetitive heating, which is a distinctive feature of layer-by-layer 
fabrication. The alternative half ellipses and the bands along the y-axis 
in Fig. 5(a) and (c) were identified as the melt-pool traces along the x- 
and y-scanning directions, respectively. The superimposed sequence 
(red arrows) for the melt pools in the same layer was always from right 
to left in the x-scanning in L-PBF, whereas it alternated in each x-scan-
ning in EB-PBF. These fixed characteristics depend on the operating 
machine. This suggests that the entire temperature distribution in the 
EB-PBF-built specimen may be much more uniform than that in the L- 
PBF-built specimen. 

In Fig. 5(a) and (c), black arrows indicate the elongated directions of 

the columnar cells. In the melt pools in both the EB-PBF- and L-PBF-built 
specimens, the majority of the columnar cells tended to grow along the 
build direction and traversed the melt-pool boundaries. However, some 
columnar cells were found to grow horizontally on the side of the melt 
pools of the L-PBF-built specimen; in contrast, they were occasionally 
found only in the EB-PBF-built specimen. By comparing the cellular-type 
microstructure in Fig. 5(a) and (c) and their corresponding crystal 
orientation maps in Fig. 5(b) and (d), it was found that the elongated 
direction of columnar cells almost corresponded to <100>, and both the 
vertically and horizontally aligned columnar cells contributed to the 
development of the <100> texture along the build direction. That is, 
although the same textures were formed in the EB-PBF- and L-PBF-built 
specimens, the columnar cells constituting the texture were aligned 
differently which indicates that the texture development processes vary 
in EB-PBF and L-PBF, resulting in different texture intensities. 

To elucidate the differences in the texture development mechanism 
more clearly, the specimen was fabricated using an X-scan strategy.  
Fig. 6 shows the typical crystallographic textures developed in the X- 
scan specimens, and Fig. 7 shows the captured SEM images and crystal 
orientation maps at the same position of the yz- and xz-planes. In the 
case of EB-PBF, the <100> orientation in Fig. 6(a) aligned preferentially 
along the build direction in the X-scan, and the same cubic texture, 
shown in Fig. 6(b), as that observed in the XY-scan specimen, shown in 
Fig. 4(a) was developed. However, in the case of L-PBF, the <110>
orientation (Fig. 6(c)) aligned preferentially along the building direction 
in the X-scan, as reported previously [22]. This is different from the 
<100> orientation in the XY-scan; the cubic texture shown in Fig. 6(d) 
rotated by 45◦ along the x-scanning direction, compared with the one 
developed in the XY-scan. That means that different textures developed 
in the X-scan between the EB-PBF and L-PBF. 

Fig. 7 shows that the columnar cells existed primarily on the plane 

Fig. 5. BSE images showing the morphologies of the boundaries of the columnar cells and the traces of melt pools observed on the yz-plane in the (a) EB-PBF- and (c) 
L-PBF-built specimens. (a′) and (c′) Show higher magnification images of (a) and (c). (b) and (d) Show corresponding crystal orientation maps along the z-axis. 
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perpendicular to the scanning direction in both the EB-PBF- and L-PBF- 
built specimens with X-scan, that could be confirmed by the observation 
on the xz-plane shown in Fig. 7(c) and (d). The superimposed sequence 
(red arrows) for the melt pools in the adjacent layers was the same in EB- 
PBF and L-PBF with X-scan, indicating a similar temperature variation in 
their specimens. A comparison of the cellular-type microstructure and 
its corresponding crystal orientation map, as shown in Fig. 7(a)–(d), 
indicates that the vertically aligned columnar cells (indicated by the 
black arrows) contribute to the development of the <100> texture along 
the build direction in EB-PBF, whereas those inclined from the build 
direction by ± 45◦ contributed to the development of the <110> texture 
along the build direction in L-PBF. The reason for the different variations 
in texture with the scanning strategy for EB-PBF and L-PBF is discussed 
in Section 4.1. 

3.3. Comparison of the secondary phase formation 

Because of the significant difference in the thermal history of EB-PBF 
and L-PBF, the secondary phase formation in the EB-PBF- and L-PBF- 
built specimens was compared. Fig. 8(a) and (b) show typical back-
scatter electron (BSE) images of the EB-PBF- and L-PBF-built specimens, 
which were captured near the final upper layers of the built sample. 
Plate-like precipitates could be widely observed, concentrated at the 
columnar cell boundaries and in the vicinity of some melt-pool bound-
aries (indicated by the green arrow) in the EB-PBF-built specimen; 
however, they were not found in the L-PBF-built specimen. By 
comparing the XRD results in Fig. 8(c) of the EB-PBF- and L-PBF-built 
specimens and the raw powders, additional diffraction peaks were found 
in the EB-PBF-built specimen, which were believed to be from the plate- 
like precipitates shown in Fig. 8(a). The diffraction peaks indicate that 
the precipitate was the α-phase. 

TEM observations were conducted to further confirm the presence of 

precipitates. Fig. 9(a), (c) and (e) show the dark field images (DFIs) of 
the EB-PBF- and L-PBF-built specimens, respectively. Fig. 9(b), (d), and 
(f) show the corresponding selected area electron diffraction (SAED) 
patterns. Fig. 9(a)–(f) are observed in the beam directions (BDs) parallel 
to the [111] and [110] directions of the β-matrix with the bcc structure. 
The green circles in Fig. 9(b), (d), and (f) indicate the diffraction spots 
used to obtain the DFIs. In the diffraction pattern shown in Fig. 9(b), (d), 
and (f), numerous diffraction spots or streaks can be observed in addi-
tion to those from the β-matrix, which supposedly originate from either 
the α-, ω-, or α′′-phases, which have an orientation relationship with the 
β-matrix as follows [45,46]: 

α − phase : (0001)α

//{
110

}

β
, < 1120>α

//

< 111>β (9)  

ω − phase : (0001)ω

//
{111}β, < 1120>ω

//
< 110>β (10)  

α′ − phase : {110}α′′

//{
211

}

β
, < 001>α′′

//
< 011>β

{020}α′′

//{
011

}

β
, < 100>α′′

//
< 100>β

(11) 

Fig. 9(a) clearly shows that the additional diffraction spots in Fig. 9 
(b) are from the plate-like α-phase. However, no precipitates can be 
observed in Fig. 9(c) and (e) using the diffraction spots {1010} of the 
ω-phase indicated by the green circle in Fig. 9(d) and (f) because the 
ω-phase exists only in microclusters, which are quite small for obser-
vation. This can be inferred from the streak patterns shown in Fig. 9(d) 
and (f). This observation result is in good agreement with a previous 
study that used a single crystal, where the addition of Al to the 
Ti–15Mo–5Zr alloy strongly hindered the precipitation of both athermal 
and isothermal ω-phases [29]. However, the intensity of the streak 
pattern in EB-PBF is slightly stronger than that in L-PBF, as shown in 

Fig. 6. (a) and (c) The crystal orientation maps and (b) and (d) pole figure maps show the crystallographic textures developed in the (a) and (b) EB-PBF-built 
specimens and (c) and (d) L-PBF-built specimens with X-scan. 
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Fig. 9(d) and (f). This indicates that the size of the ω-phase microcluster 
may increase in EB-PBF because of the preheating effect. 

Fig. 10 shows the additional TEM analysis results of the EB-PBF- and 
L-PBF-built specimens. Many fringe patterns were observed in the grains 
of the EB-PBF- and L-PBF-built specimens, as shown in Fig. 10(a), (d), 
and (e). The observed microstructure is considerably similar to those 
observed in β Ti-Nb alloys fabricated by EB-PBF [47] and L-PBF [48], in 
which the fringe patterns were attributed to lamellar-like α′′-martensite. 
The observed frequency of the fringe patterns was significantly higher in 
the L-PBF specimen than in the EB-PBF specimen. In addition, a jagged 
boundary was observed in the L-PBF-built specimen, as shown in Fig. 10 
(d), implying that twinning or martensitic transformation may occur in 
the L-PBF-built specimen. In the grains labeled A, B, and C in Fig. 10(d), 
the same diffraction pattern as that in Fig. 10(g) was observed, indi-
cating that twinning does not exist in the L-PBF-built specimen. 

Therefore, α′′-martensite formation in the grains may be the reason for 
the formation of the jagged boundary observed in Fig. 10(d). 

Here, the fringe patterns in the bright field images (BFIs) can be 
made invisible (Fig. 10(b) and (f)) by selecting the operation vectors (g) 
that are nearly parallel to them. This indicates that the fringe patterns in 
BFIs should not originate from the thick lamellar α′′, but instead from a 
series of thin stacking fault-like α′′-phases parallel to the observation 
direction. According to the invisibility criterion of g⋅R = 0 or integer (in 
which R is the displacement vector), the displacement vector of stacking 
faults is supposed to be vertical to the plane in which the stacking faults 
lie, although further details have not yet been clarified. The thin 
stacking fault-like α′′-phase has never been observed in the cast or 
floating zone-fabricated Ti–15Mo–5Zr–3Al alloys [29,32], and no sig-
nificant variation in the main chemical composition of the 
Ti–15Mo–5Zr–3Al alloy was found before or after the EB-PBF and L-PBF 

Fig. 7. (a–d) BSE images and their corresponding (a′–d′) crystal maps at the same position showing the columnar cell growth in the melt pools of the (a), (a′), (c), and 
(c′) EB-PBF- and (b), (b′), (d), and (d′) L-PBF-built specimens with X-scan. (a), (a′), (b), and (b′) yz-plane, (c), (c′), (d), and (d′) xz-plane. 
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processes, as shown in Supplementary Table 2s. This indicates that the 
formation of the stacking fault-like α′′-phase in the AM-fabricated 
Ti–15Mo–5Zr–3Al alloy relates to the unique characteristic of AM, 
which is the repeated heating and cooling cycles. Although the β-phase 
in Ti–15Mo–5Zr–3Al alloy is stable and does not transform into the 
α′′-phase during deformation [29], repeated heating and cooling cycles 
can generate a complicated thermal stress field [49], which might 
induce the {011}<011> shuffle in the β crystal lattice to form a layer of 
atomic arrangement of α′′ [50]. The detailed formation mechanism of 
the stacking fault-like α′′-phase will be studied in the future. 

3.4. Comparison of the tensile property 

Fig. 11 shows the typical stress-strain curves and fracture surfaces of 
the EB-PBF- and L-PBF-built specimens, with high relative density and 

strong texture intensity (in the build direction). The EB-PBF-built 
specimen with a stronger cubic texture—labeled as EB-PBF’ and EB- 
PBF′′ in Fig. 4(b)–(d)—was not selected for comparison because it 
exhibited a somewhat poor ductility because of the crack, which could 
not be observed before etching, as shown in Supplementary Figs. 1s and 
2s. The reason for the formation of cracks in these specimens has not yet 
been clarified, and further studies are required. 

Fig. 11(a) shows that the L-PBF-built specimen exhibited a consid-
erably higher ductility but a slightly lower strength than the EB-PBF 
specimen. Supplementary Table 6s lists the 0.2% yield stress, ultimate 
tensile stress, and elongation. Although the L-PBF-built specimen has no 
α-phase, it has much more stacking fault-like α′′-phase present than in 
the EB-PBF-built specimen, as confirmed by the density of fringe pat-
terns in Fig. 10(a), (d), and (e). Because the α′′-phase can significantly 
strengthen β-Ti [47,51], it can compensate for the absence of a 

Fig. 8. BSE images of the (a) EB-PBF- and (b) L-PBF-built specimens. (c) Comparison of the X-ray diffraction profiles of the raw powders and EB-PBF- and L-PBF- 
built specimens. 
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strengthening effect from the α phase for the L-PBF-built specimen, 
making the strength of the L-PBF-built specimen only slightly lower than 
that of the EB-PBF-built specimen. Fig. 11(b)–(e) show the fracture 
surfaces of the specimens. The formation of dimple patterns was 
consistent with their ductility. In addition, some round pits were 
observed in the EB-PBF-built specimen, which were believed to be from 
the detached unmelted/incompletely melted powders that formed 
accidentally. Because the EB-PBF-built specimen shows good ductility 
(~ 15% elongation), the unmelted/incompletely melted powders should 
not be the main factor causing the ductility difference between the 
EB-PBF- and L-PBF-built specimens. Fig. 8 shows that the main differ-
ence in the microstructures of the EB-PBF- and L-PBF-specimens is the 
presence of an α-phase. Therefore, the existence of the α-phase in the 
EB-PBF-built specimens is the main reason for its poor ductility, 
compared with the L-PBF-built specimens under the condition of strong 
texture intensity and high relative density. 

Fig. 12 shows the TEM images of the EB-PBF- and L-PBF-built spec-
imens after deformation, with the BD parallel to the [110] direction of 
the β-Ti matrix. Straight line-like contrasts were abundantly observed in 
the BFIs, which were confirmed to be dislocations with the Burgers 
vector parallel to <111> by the invisibility criterion of g⋅b = 0. Twin-
ning or martensitic transformations were not observed. That is, the 
operative deformation mode of the EB-PBF- and L-PBF-built specimens is 
<111> dislocation slip, which is the same as that of the floating zone- 
fabricated specimen [29]. This indicates that the deformation mecha-
nism of the EB-PBF- and L-PBF-built specimens does not vary because of 
the unique stacking fault-like α′′-phase, which may be because of the 
relatively high stability of the β-phase in the investigated alloy. Note that 
the dislocations are often tangled in the local region, as indicated by the 
red arrow in Fig. 12(b), and intersecting with a stacking fault-like 
α′′-phase, as indicated by the green arrow in Fig. 12(b). This indicates 
that, although the existence of a stacking fault-like α′′-phase does not 
alter the deformation mode, it prevents dislocation slip and increases the 
strength of the alloy. Although the precipitation of α-, α′′-, and ω-phases 

is considered to affect the Young’s modulus, as well as the strength and 
ductility, a comparison of Young’s modulus in L-PBF and EB-PBF spec-
imens has not yet been conducted. Thus, further studies to clarify the 
variations in mechanical properties and microstructure depending on 
the fabrication conditions are important for further development of this 
AM-prepared alloy. 

4. Discussion 

4.1. Effect of the melt-pool shape on texture formation 

This study found that two different crystallographic orientations, 
<100> and <110>, were developed in the build direction of EB-PBF 
and L-PBF at the same X-scan, respectively. In our previous study, the 
formation of the <110> texture using the X-scan in L-PBF was found, 
and its formation mechanism was discussed in detail [22,25]. In 
contrast, the evolution of the <100> texture in the EB-PBF is unique. 
The formation mechanism and the reason why different textures, 
compared to those in L-PBF, have evolved are significantly interesting 
topics. 

To clarify their physical origin, we focused on the expectation that 
the melt-pool shape should vary between the EB-PBF- and L-PBF-built 
specimens. The difference in the melt-pool shape significantly varies the 
temperature gradient direction and affects the columnar cell growth; 
this must be related to the different crystallographic texture de-
velopments in EB-PBF and L-PBF at the X-scan. To clarify this, the so-
lidification behavior of the melt pool was investigated in detail. 

Fig. 13(a) and (b) show the melt-pool shape of the EB-PBF- and L- 
PBF-built specimens in which a strong texture developed. The melt pools 
were shallow and wide in EB-PBF, but deep and narrow in L-PBF. The 
width and depth were 456 ± 54 µm and 87 ± 9 µm, respectively, in the 
EB-PBF and 312 ± 21 µm and 289 ± 10 µm, respectively, in the L-PBF. 
Fig. 13(c) and (d) show the simulation results of the melt-pool bound-
aries on the yz-plane in the EB-PBF- and L-PBF-built specimens at the 

Fig. 9. TEM DFIs of (a) and (c) EB-PBF- and (e) L-PBF-built specimens. Corresponding SAED patterns observed parallel to (b) [111] and (d) and (f) [110] of β-Ti, 
respectively. The green circles in (b), (d), and (f) indicate diffraction spots used to take the DFIs. 
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center of the scan track at different times. When the beam passed 
through the investigated position in the EB-PBF, the depth of the melt 
pool increased, whereas the width of the melt pool decreased before the 
entire melt pool began to decrease. However, in the case of L-PBF, the 
depth of the melt pool first increased and then decreased, whereas the 
width of the melt pool continued to increase. This indicates that the 
observed melt-pool traces in the experiment corresponded to the ulti-
mate migration position of the melt pools—that is, the initial solidifi-
cation position—and solidification does not initiate on the observed 

melt-pool traces simultaneously. The solidification of the melt pool in 
EB-PBF first proceeds from the side to the center and then from the 
bottom to the top; however, that in L-PBF always proceeds from the 
bottom to the top. Although the melt-pool size has some differences, the 
ultimate migration position of the melt pool in the simulation agrees 
with the observed melt-pool traces. 

Fig. 14(a) and (b) show the angle variation in the temperature 
gradient direction at the initial solidification position of the melt pool 
relative to (a) the yz-plane (that is, the plane perpendicular to the 

Fig. 10. TEM BFIs showing the stacking fault-like α′′-phase in the (a) and (b) EB-PBF-built specimens and (d), (e), and (f) L-PBF-built specimens. Corresponding SAED 
patterns observed parallel to (c) [110] and (g) [010] of β-Ti. 
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scanning direction) and (b) the build direction in the center of the scan 
track of EB-PBF and L-PBF, respectively. Here, the horizontal axis in-
dicates the “relative” depth (position along the depth direction divided 
by the maximum depth in the melt pool from bottom to top), and only 
the angle on the right side of the melt pool was considered because of the 
melt-pool symmetry. Fig. 14(a) shows that the angle between the tem-
perature gradient direction and the yz-plane was less than 3◦ throughout 
the depth in EB-PBF and L-PBF, except for the part adjacent to the 
bottom in L-PBF. This implies that the temperature gradient direction 
during solidification nearly exists on the plane perpendicular to the 

scanning direction. Therefore, the growth of the columnar cells in EB- 
PBF and L-PBF tends to occur on the plane perpendicular to the scan-
ning direction when a strong texture is developed, although their melt- 
pool shapes are considerably different. However, with respect to the 
angle between the temperature gradient direction and the build direc-
tion shown in Fig. 14(b), it was less than 30◦ throughout the depth in EB- 
PBF, whereas in L-PBF, it largely varied depending on the position in the 
range of 30–75◦. This indicates that the effect of the temperature 
gradient direction causes the columnar cells in the melt pools to grow 
toward the build direction in EB-PBF, but largely away from the build 
direction in L-PBF. 

However, epitaxial growth affects the growth direction of columnar 
cells with respect to the underlying cells, which decreases the nucleation 
energy. We previously clarified that such epitaxial growth can occur 
when the angle between the temperature gradient direction and the 
epitaxial direction is less than 45◦ [20,23] in L-PBF specimens. In the 
case of EB-PBF, in any layer, most columnar cells beneath the melt pool 
are in the center of the melt pool in the last track because the melt pool is 
wide, as shown earlier in Fig. 13(a). The elongated direction of these 
columnar cells was parallel to the temperature gradient direction (that 
is, along the build direction). Then, the angle between the temperature 
gradient direction and the epitaxial direction equals the angle between 
the temperature gradient direction and the build direction (less than 
30◦), as shown in Fig. 14(a). Therefore, the columnar cells tend to grow 
along the build direction after the track-by-track process in one layer. 

In the X-scan of EB-PBF, the above process is repeated in subsequent 
layers, thus forming vertically aligned columnar cells. Because the 
extending directions of the columnar cells are parallel to <100>, the 
<100> texture develops in the build direction in the X-scan of EB-PBF, 
in contrast to L-PBF. 

Conversely, in the case of L-PBF, the columnar cells beneath the melt 
pool are on the side of the melt pool in the last track in any layer because 
the melt pool is narrow, as shown in Fig. 13(b). The elongated direction 
of these columnar cells should deviate from the build direction by 
approximately 30–75◦ if they are controlled by the temperature gradient 
direction. However, in reality, the cell growth direction is stabilized at 
45◦ and − 45◦ with respect to the build direction in the left and right 
halves of the melt pool, respectively, as shown in Fig. 7(b) and (b′). The 
inclined ± 45◦ angle of the columnar cells is considered advantageous 
for reducing the interfacial energy at the center of the melt pool, where 
the solidification front of the right and left parts is encountered. 
Therefore, the orientation perpendicular to the scanning direction is 
adjusted as the crystallographic misorientation in the right and left 
halves of the melt pool decreases, leading to a ± 45◦ cell growth from 
the build direction, thus forming the <110> texture in the build 

Fig. 11. (a) Tensile stress and strain curves and fracture surface of (b) and (c) 
EB-PBF-built specimens and (d) and (e) L-PBF-built specimens under the con-
ditions of stronger crystallographic texture and higher relative density. 

Fig. 12. TEM BFIs showing the dislocations in the (a) EB-PBF- and (b) L-PBF-built specimens after the tensile test.  
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direction, as explained in previous papers [22,25]. 
Because the laser scan in the X direction and that in the Y direction 

generate a melt pool with essentially identical shapes and sizes, the 
simulation results of the melt pool morphology and thermal gradient 
angle shown in Figs. 13 and 14 can be applied to both X- and XY-scan 
strategies. However, because the laser scanning direction is orthogonal 
between layers in the XY-scan, considering the combination of the 
thermal gradient angle and the associated cell growth direction between 
layers is necessary to discuss the crystallographic texture evolution 
behavior. The differences in the melt-pool shape affect the evolution 
mechanism of the texture in the XY-scan, although similar textures were 

developed in L-PBF and EB-PBF. In the XY-scan of EB-PBF, because the 
vertically grown columnar cells can assist the epitaxial growth in the 
above layers to decrease the nucleation energy, their fraction is further 
increased after several layer processes, thus forming the same <100>
texture in the build direction as that in the X-scan. 

However, in the XY-scan of L-PBF, the obliquely grown columnar 
cells cease to grow in the next layer because their angle with the tem-
perature gradient direction exceeds 45◦, which does not favor epitaxial 
growth. Then, only the vertically and horizontally grown columnar cells 
remain after several layer processes, forming a <100> texture in the 
build direction, as explained in previous papers [22,25,52]. The clarified 

Fig. 13. BSE images showing the melt-pool morphologies of the (a) EB-PBF and (b) L-PBF-built specimens. Simulation results showing the migrations of the melt- 
pool boundaries on the yz-plane in the (c) EB-PBF- and (d) L-PBF-built specimens at the center of the scan track at different times. 
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differences in the evolution behavior of the texture between L-PBF [22] 
and EB-PBF are schematically shown in Fig. 15. 

Based on the discussion, it was clarified that the melt-pool shape 
plays an important role in texture development, which causes the for-
mation of different textures in L-PBF and EB-PBF in X-scan. The narrow 
and deep melt pools in L-PBF enable the variation in the crystallographic 
orientation in the build direction by changing the scanning strategy. 
This implies that L-PBF is more flexible than EB-PBF for controlling the 
mechanical properties of the fabricated alloys via crystallographic 
texture control. 

4.2. Effect of thermal history on the secondary phase formation 

To improve the conductivity of the powders to avoid the smoking 
phenomenon caused by charge accumulation, an additional preheating 
process is required in every layer of EB-PBF, wherein the powders are 

slightly sintered via a scan of the defocused beam at a high speed. Thus, 
the additional preheating process in EB-PBF significantly affects the 
thermal history of EB-PBF and L-PBF. The cooling rate in EB-PBF was 
considered slower than that in L-PBF because of its higher ambient 
temperature because of preheating. Also, the preheating process can 
maintain the early built part in EB-PBF at high temperatures until the 
completion of fabrication. This is similar to the aging process, which 
changes the microstructure. Microstructure variations caused by the 
preheating process have been found in several alloys with multiple 
phases, such as TiAl alloy [13], Ti–6Al–4V alloy [53], Co–Cr–Mo alloy 
[54], and Inconel 718 [21]. A previous study that used single crystals 
reported that the β-phase in the Ti–15Mo–5Zr–3Al alloy is stable after 
short-term aging at 300 and 400 ◦C for 1.2 ks. The ω-phase and α-phase 
precipitations require long-term aging at 300 ◦C for 300 ks and 400 ◦C 
for 300 ks, respectively [29]. However, because the preheating tem-
perature during the EB-PBF was as high as 520 ◦C, metastably forming 

Fig. 14. Angle variation of the temperature gradient direction at the initial solidification position of the melt pool relative to (a) the yz-plane, and (b) the build 
direction in the center of the scan track of EB-PBF and L-PBF. 

Fig. 15. Schematics showing the differences in the evolution behavior of the crystallographic texture between L-PBF [22] and EB-PBF. (a) X-scan in L-PBF, (b) 
XY-scan in L-PBF, (c) X-scan in EB-PBF, and (d) XY-scan in EB-PBF. 
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an α-phase and a small amount of isothermal ω-phase in the EB-PBF 
samples is plausible, even after short-term aging by preheating. 

The α-phase exists on the columnar cell boundaries and in the vi-
cinity of some melt-pool boundaries, as shown in Fig. 8(a), which may 
be related to the segregation of Al at these locations during the solidi-
fication of the melt pools. The segregation coefficient—the ratio be-
tween the Al in the liquid and solid—of Al in the Ti–10V–2Fe–3Al alloy 
is 1.13 [55], enabling segregation. Al as the formation element of the 
α-phase is well known, and the high Al content in the local region pro-
motes the formation of the α-phase during the aging process. 

Based on these results with respect to precipitate behavior, it is 
proposed that EB-PBF may be more suitable for fabricating precipitate- 
strengthened materials, such as Inconel 718. The strengthening phase in 
Inconel 718 can precipitate directly during the fabrication process [21]. 
In contrast, L-PBF may be more suitable for producing materials with 
metastable phases, such as the present Ti–15Mo–5Zr–3Al alloy, in which 
the material is quickly cooled to restrain the undesired phase trans-
formation, because the precipitation of the α-phase largely degrades the 
ductility, as shown in Fig. 11. Rapid cooling of L-PBF is also beneficial 
for achieving super-solid solutions by suppressing elemental segrega-
tion, resulting in solid solution strengthening in a high-entropy alloy 
[56]. In the actual application of a product, the influence of geometry 
and build layout also affects the microstructure, as it affects the heat 
accumulation behavior during the fabrication process. Hence, this must 
be considered. 

This study clarifies that, in addition to the effect on precipitate 
behavior, the texture formation behavior also varies between EB-PBF 
and L-PBF, as described earlier in Section 4.1. These features must be 
extensively considered when selecting an appropriate AM method for 
metallic materials. 

5. Conclusions 

We compared the microstructure, texture, and mechanical properties 
of the β-type Ti–15Mo–5Zr–3Al alloy fabricated by using EB-PBF and L- 
PBF. Our major findings are summarized as follows:  

1) The fabrication of the specimens with flat surfaces in EB-PBF 
required a higher scanning speed and lower volume energy density 
in comparison with those in L-PBF because of the higher energy 
absorptivity of the electron beam and the additional preheating 
process in EB-PBF.  

2) Despite that the relative density increased with an increase in energy 
density in the EB-PBF-built specimens, the relative density of the L- 
PBF-built specimens decreased at higher energy densities because 
the melting mode transformed from the conduction mode to the 
keyhole mode at higher energy densities in L-PBF, entrapping the gas 
during the collapse of the keyhole-type melt pools.  

3) The crystallographic texture formation region was considerably 
wider in EB-PBF than in L-PBF.  

4) Both EB-PBF and L-PBF obtained a cubic crystallographic texture via 
bidirectional scanning, with a 90◦ rotation in each layer. However, 
their texture formation mechanisms varied. The <001> texture in 
the build direction was derived mainly from the vertically grown 
columnar cells in the EB-PBF-built specimens, whereas it was derived 
from both the vertically and horizontally grown columnar cells in the 
L-PBF-built specimens. This is because wide and shallow melt pools 
were formed in the EB-PBF, and narrow and deep melt pools were 
formed in L-PBF.  

5) Because of the difference in the melt pools described in 4), the 
crystallographic texture developed in the X-scan samples varied for 
the EB-PBF- and L-PBF-built specimens. The <110> and <100>
aligned textures along the build direction were developed in L-PBF 
and EB-PBF, respectively.  

6) Stacking fault-like α′′-phases existed in both the EB-PBF- and L-PBF- 
built specimens. However, the α-phase existed only in the EB-PBF- 

built specimens because of the in-situ aging effects in the EB-PBF. 
It was mainly located on the columnar cell boundaries and in the 
vicinity of some melt-pool boundaries.  

7) The L-PBF-built specimen exhibited significantly better ductility, but 
a slightly lower strength than that of the EB-PBF-built specimen 
under the conditions of stronger crystallographic texture and higher 
relative density.  

8) Under the appropriate fabrication conditions, L-PBF is more suitable 
for producing materials that may form metastable phases, such as the 
present Ti–15Mo–5Zr–3Al alloy, in which the material is cooled 
quickly to restrain the undesired phase transformation. Meanwhile, 
EB-PBF is more suitable for fabricating precipitate-strengthened 
materials, such as Inconel 718. However, the texture variation 
must also be considered when selecting an appropriate AM method, 
depending on the application. 
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