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ARTICLE INFO ABSTRACT

Keywords: Large gains in strength and ductility are of little significance if the material’s anisotropy is high. Therefore,
Heat treatment improving the mechanical properties and reducing the anisotropy of Al alloys obtained by additive
Al alloy manufacturing is a topic of growing interest. This manuscript examines the effect of distinct heat treatments on
Laser powder bed fusion . . . . . . . .

Microstructure the mechanical, anisotropic, and microstructural behavior of a hypoeutectic, almost eutectic, AlSil1Cu alloy
Texture obtained by laser powder bed fusion (L-PBF). The microstructural characterization revealed an Al matrix sur-
Plasticity rounded by a Si-rich network, forming a coral-like pattern with a heterogeneous combination of columnar and

equiaxed grains. The texture indicated that the columnar grains were preferentially oriented towards the
building direction with strong Cube and Goss components. Different strength-ductility ratios were obtained
following the annealing and solution heat treatments at different temperatures (200 °C-550 °C) with a holding
time of 1 h. In terms of grain size and dislocation density, no significant changes were found in the micro-
structure, suggesting that grain size and dislocation strengthening mechanisms are not highly affected by the
heat treatments. In addition, the Si-enriched network remained interconnected until 300 °C. At higher tem-
peratures, this interconnection was lost, giving rise to large Si particles depleting the Si content in solid solution
in the Al matrix. Digital image correlation maps revealed that deformation fields were more homogeneous when
the cellular structure disappeared. The visco-plastic self-consistent model showed that when applying the load at
30° in the building direction (BD), the largest tensile strength was generated, whereas the lowest strength was
obtained when the load was parallel to the BD. Heat treatments for 1 h holding time were found to be efficient in
reducing the Lankford coefficients dispersion, suggesting improvements in formability and reducing the alloy’s
planar anisotropy. These results revealed that annealing up to 400 °C or higher temperatures followed by water
quenching leads to good strength and ductility ratios while reducing anisotropy.

1. Introduction different geometries [7,8]. In this process, pieces are obtained by

melting and re-melting consecutive layers of metallic material supplied

Today, additive manufacturing (AM) technologies have revolution-
ized new material processing for structural applications [1-3]. This is
due to their greater flexibility and reasonable production ratios, reduced
amount of wasted material, and low number of manufacturing steps to
deliver a nearly finished product after printing [4-6]. The laser powder
bed fusion (L-PBF) process stands out from the distinct AM processes. It
is one of the most often studied and frequently used in industrial and
research centers due to its versatility and speed of adaptation to produce

in powders until the piece is finally shaped with no need for a mold [9,
10]. Therefore, this process requires local high temperatures to melt the
solid material and join it to the previously applied layers. It has been
shown that thermal gradients are generated which influence and
determine the material’s properties [11]. Some of the consequences of
thermal gradients include the formation of high residual stresses and
microstructures with large columnar grains with a strong texture and
anisotropy [12,13]. The preferential growth direction of columnar
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Al cells

Fig. 1. Cellular structure sketch.

grains during L-PBF of Al alloys is generally parallel to 100 [14].

A wide variety of metallic materials such as titanium alloys, copper
alloys, steels, and aluminum alloys have been printed using L-PBF
[15-17]. As for aluminum alloys, Al-Si alloys are noteworthy due to
their specific strength, corrosion resistance, and weldability, making
them ideal for structural applications, especially in the automotive and
aerospace industries [18]. Therefore, from an AM point of view, Al-Si
eutectic and quasi-eutectic alloys, e.g., Al-12Si, Al-11SiCu, and
Al-10Si-Mg, are of interest given their short solidification ranges that
reduce the possibility of generating defects such as pores and micro-
cracks and are ideal for counteracting hot cracking [19].

On the other hand, the main drawbacks of Al alloys during AM by L-
PBF are their inherent low ductility and anisotropy due to their rigid
interconnected structure that is rich in Si and the growth of columnar
grains in the building direction, respectively. These phenomena are
associated with lower mobility of dislocations and thermal gradients due
to the repetitive refusion and fusion of new layers on the already so-
lidified ones [20,21]. In this way, the directional growth of grains,
melting pool boundaries (MPB) density, and the obstruction of the
dislocation motion generate anisotropy and low ductility in L-PBF ma-
terials [22-24]. Xiong et al. [25] found changes in the mechanical
properties of an AlSi1OMg alloy depending on the orientation of the
melting pools (MPs) related to the load application direction. They
concluded that the best strength-ductility combinations were achieved
when the load was applied in a direction that is perpendicular to the MPs
or BD. Furthermore, Delahaye et al. [24] found that AlSi10Mg alloy
fracture occurred in MPBs due to heterogeneity between the
heat-affected zone (HAZ) and the interior of the MP. The authors
inspected the MPBs in detail, finding that the cellular network was
partially broken within the HAZ, permitting easier dislocation slip and
plastic strain localization.

In an attempt to solve these issues, some authors have suggested the
use of in-situ heat treatments, or heat treatments after the
manufacturing process, to improve the performance of materials ob-
tained by AM [26-28]. Heat treatments include annealing to remove
residual stresses generated during L-PBF, solution treatment to dissolve
precipitates, and aging treatment to harden the alloy through the for-
mation of precipitates and to counteract high cooling rates that promote
the formation of high residual stresses. Due to the exceptional L-PBF
production conditions, such as the high cooling speeds during

Table 1
Chemical composition of the studied alloy.

Element Si Cu Mg Mn Fe Ti Al

Wt.% 9-11 0.8-0.9 0.3-0.5 <0.4 <0.2 <0.2 Bal.
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solidification, a variety of thermal cycle modifications of traditional heat
treatments have been evaluated. For example, Park et al. [29] compared
the effect of direct aging and aging after a solution treatment (i.e., T6). It
was found that direct aging permitted higher strengths and elongations
as compared to the classic T6 hardening treatment. On the other hand,
Kempf et al. [30] focused their studies on the effect of post-heat treat-
ments on an AlSi10Mg alloy, taking into account different L-PBF ma-
chines. The authors confirmed that the as-built condition determines the
final mechanical properties since the same alloy presented different
mechanical properties depending on the powder bed fusion devices that
were used. Other researchers choose to take advantage of the flexibility
of the AM processes to generate in-situ alloys with nanoparticles or other
elements during the printing process that allow outstanding mechanical
properties to be obtained [31,32]. Another microstructural character-
istic responsible for the high strength and low ductility of Al alloys ob-
tained by AM techniques is the formation of an Al cellular structure
surrounded by a eutectic Al-Si network (see Fig. 1). In this context, Liu
et al. [33] demonstrated that in heat treatment temperatures above
300 °C, fine Si particles precipitate inside the primary Al phase, while at
temperatures of the order of 530 °C, larger Si particles appear.

Several studies have been carried out on Al-Si alloys obtained by
AM, covering many areas of their behavior. For example, Delahaye et al.
[24], examined the influence of Si precipitates on the fracture mecha-
nisms of the material, finding that the HAZ in the MPBs had a lower
hardness due to the formation of coarse and non-coherent Si precipitates
as failure-initiating areas. Moreover, Pozdnyakov et al. [34] found a
thermal expansion coefficient for the AlSi11CuMn alloy manufactured
with L-PBF that was similar to the alloy produced from casting in the
20 °C-100 °C temperature range. On the other hand, Nalivaiko et al.
[35] studied the synthesis of an AlSi10MgCu alloy by printing single
tracks and cubic samples, revealing that low porosity and a uniform
microstructure were obtained when using laser powers between 220 and
240 W. As for heat treatments on AlSi10MgCu alloys obtained by AM,
Fiocchi et al. [36], in their review work, indicated that the Al-Si alloys
obtained by L-PBF experienced a decrease in yield strength with an in-
crease in ductility when applying solution treatments. They also indi-
cated that aging favored strength recovery while maintaining ductility
levels similar to those produced by the solution treatment. Regarding
anisotropy, a significant problem of Al alloys produced by AM, Rashid
et al. [37] reported variations in the properties of an AlSi12 alloy based
on energy density and print area. These authors coined the term “energy
per layer” (which considers energy density and printing area) as a
possible key factor in reducing anisotropy, obtaining fully dense parts.

Although the Al-Si alloys produced by AM have been extensively
studied, considerable variation remains with regard to the character-
ization of their mechanical properties, both in their building state and
following heat treatments. In addition, studies on anisotropy have ten-
ded to focus on the as-built state, with fewer publications assessing the
influence of temperature on texture, plastic behavior, and mechanical
properties. Therefore, this study considers printing parameters that have
already been shown efficient in producing low porosity in the Al-Si11Cu
alloy, focusing on the temperature changes of heat treatments with
equal holding time.

Therefore, the study of the microstructural and mechanical charac-
teristics such as texture, strength-ductility ratios, anisotropy, and plastic
behavior of AM materials is an active research field. This publication
aims to better understand the plastic behavior and anisotropy of the
AlSi11Cu alloy through heat treatments at distinct temperatures. To do
so, microstructural and mechanical characterization techniques such as
optical microscopy (OM), electron back-scattering diffraction (EBSD),
and uniaxial tensile tests have been used. Moreover, the visco-plastic
self-consistent (VPSC) model was employed to access the material
anisotropy in the as-built and heat-treated states.
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Fig. 2. (a) Powder particles, (b) powder size distribution, (c) L-PBF processing, (d) as-built material and tensile samples orientation, and (e) thermal cycles sketch for

the heat treatments.
2. Material and methods
2.1. Initial material and manufacturing methods

Powders with a nominal composition indicated in Table 1 were
produced at the Volgograd-Russia Aluminum Plant (UC RUSAL) by the
molten metal spraying method.

Fig. 2(a) and Fig. 2(b) display spherical powders with an average size
of 26.5 pm following a log-normal distribution (d;jg = 17.3 pm, dsg =
26.7 pm, and dgp = 40.75 pm). As illustrated in Fig. 2(c) and (d), cy-
lindrical bars of 20 mm in diameter and 100 mm in length were man-
ufactured by L-PBF in a controlled Argon atmosphere using an
SLM280HL printer (SLM Solutions located in Luebeck-Germany). The
printing parameters were as follows: scan speed of V = 1650 mm/s,
layer thickness H = 50 pm, power of P = 370 W, and hatch spacing of
130 pm, equivalent to a laser energy density (LED) of 1.72 J/mm2 ac-
cording to the following equation [38]:

LED=P/V x H @

where P represents laser power, V represents scan speed, and H repre-
sents hatch spacing. Printing parameters were selected based on previ-
ous studies that show porosities lower than 0.18% [34,39]. The scanning
strategy consisted of a 67° rotation after each layer applied (see Fig. 2

(c)).

2.2. Mechanical properties

The material’s tensile strength was assessed by uniaxial tests using an
Instron universal testing machine at room temperature with a constant
strain rate of 1 x 107> s1. Two bone-shaped samples with gauge di-
mensions of 4 mm x 1.3 mm x 2 mm were cut perpendicularly to the
building direction (BD) (see Fig. 2(d)) from the middle length of the rods

using electrode discharge machining (EDM). Tensile sample dimensions
were scaled from the ASTM D638 standard and cut perpendicular to BD,
to avoid MP alignment with the BD. Using digital image correlation
(DIC), strain maps and strain profiles were obtained for both the as-built
and heat-treated materials. For the DIC analysis, Ncorr software was
used, and for the purpose of statistics, a 12-Megapixels digital camera
took images every 2 s. Furthermore, Vickers hardness measurements
were carried out using a micro-durometer with a square-based pyra-
midal diamond indenter with face angles of 136°, load of 0.98 N and a
dwell time of 10 s.

2.3. Heat treatments

To better understand the thermal stability of the printed alloy, a
variety of heat treatments (HTs) were evaluated at different tempera-
tures ranging from 200° to 550 °C, with a holding time of 1 h in an air
environment and a constant heating rate of 20 °C/s. Two different
cooling media, air and water, were used to evaluate the effect of the
cooling rate on the alloy’s hardening (see Fig. 2(e)). At this point, the
air-cooled annealing treatments were designated based on temperature,
for example, 200 °C, 300 °C, 400 °C, 500 °C, and 550 °C. As for cooling
in water, the material was designated by the temperature and the
cooling medium (i.e., 550 °C water). Subsequently, mechanical behavior
and microstructural evolution were examined for each heat treatment.
HTs were applied to the printed rods, and then different characterization
samples were cut using electrode discharge machining. The samples
were immersed in lubricant throughout the cutting process to avoid any
rise in temperature.

2.4. Microstructure and texture characterization

Initially, the microstructure of the as-built material was studied by
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optical microscopy (OM) using a Zeiss AX10 microscope. The surface of
the material was prepared by mechanical grinding followed by elec-
tropolishing to eliminate any surface deformation. The electropolishing
was performed at 20 kV for 15 s (electrolyte composition: 30% glycerin,
20% HCl, and CyHsOH) for subsequent etching using Keller’s reagent
(2.5% HNO3, 1% HF, 1.5% HCI, and 95% distilled water). Microstruc-
tural characteristics such as the Al cellular structure and Si particle size
were analyzed using ImageJ software [40]. For greater detail of the
microstructure and composition, a TESCAN VEGA SBH3 scanning elec-
tron microscope from Oxford Instruments was used, coupled with an
EDS detector (operating conditions, 20 kV and 10 mm working dis-
tance). The OM and EBSD samples were extracted from the rod’s
mid-length in a radial plane containing the BD.

Distinct microstructure characteristics, such as grain size, mis-
orientations, and texture, were quantified by EBSD. The EBSD detector
was coupled in an SEM-JEOL JSM-7001F operating at 15 kV, 70° tilt,
and with a 15 mm working distance. Samples were prepared as follows:
the material’s surface was polished using a 2500 sandpaper followed by
polishing at 9 pm, 6 pm, 3 pm, and 1 pm diamond suspensions. Then,
samples were placed in a vibrating polisher for 2 h using colloidal silica
with a particle size of 30 nm. For texture measurements, 900 pm x 900
pm areas were analyzed with a 1 pum step size. The texture was repre-
sented as pole figures (PF) and orientation distribution functions (ODF),
calculated using the harmonic series expansion method. On the other
hand, areas of 400 pm x 400 pm with a step size of 0.5 pm were used to
determine different microstructural characteristics. Non-indexed points
were corrected using the grain dilation method. Grains with less than
two pixels inside were discarded from the statistical analysis. Grain
boundaries were divided into low-angle grain boundaries (LAGB) and
high-angle grain boundaries (HAGB). Thus, grain boundaries with mis-
orientations between 2° and 15° were considered (LAGB) and those with
misorientations greater than 15° were considered HAGB. Data were
analyzed using TSL OIM 7.3b and MTEX toolbox software. Image quality
(IQ) maps were created to show good contrast between the different
types of grain boundaries. These maps describe the quality of a
diffraction pattern and they are constructed by mapping the IQ value
obtained for each diffraction pattern. Geometrically necessary disloca-
tions (GNDs) were calculated from the 2D-EBSD maps through Nye’s
tensor using the following equation [41]:

N
=3 Pl @
n=1

where q; are the Nye’s tensor components, b is the Burgers vector, N is
the number of types of possible dislocations, andl represents the dislo-
cation line vector. The GND profiles correspond to the point-to-point
GND values across a defined line over the GND map.

2.5. Crystal plasticity modeling

The material’s plastic behavior was examined using the visco-plastic
self-consistent (VPSC) model proposed by Lebensohn et al. [42]. This
model considers that each grain deforms differently, analyzing the
grain’s heterogeneity and anisotropy. The material is represented as a
group of grains (grains are treated as ellipsoidal inclusions) with ori-
entations and volume fractions that reproduce the initial crystallo-
graphic texture. This model can be applied to aggregates subject to
external stresses and strains, especially materials exhibiting anisotropy.
This model is described by a nonlinear rate-sensitive equation related to
strain rate, D, and stress, S:

L
S . m

L .gim . .
7 =70 |———| sign(m’ : S)
D=>"my 3)
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Table 2

Voce law hardening values (MPa).
v 1% % &
55 57 550 0.2

where m* =1 (n° ®b° +b* ®n°) is the Schmid factor tensor that describes
the geometry of each slip system in a crystal, n® is the normal to the slip
plane, b° is the slip direction, 7} is the critical resolved shear stress
(CRSS), ;'/f) is the reference strain rate, and m is the rate-sensitivity
parameter.

Discrete experimental data with up to 5000 orientations were
generated from the texture measured by EBSD. For slip dislocations, the
12{111}110 slip systems were considered. For the visco-plastic model, a
strain rate sensitivity value of m = 0.05 was used. The hardening is
described by an extended Voce law as indicated in the following equa-
tion [43]:

%

) @

=
1

=1+ (1, +6,T) <lfexp<71"

where I' =) Ay’ is defined as the accumulated shear in the grain,
S

whilez, 7o, 09, 61, (7]|0 +71) represent the resolved shear stress threshold,
initial critical resolved shear stress (CRSS), initial hardening rate,
asymptotic hardening rate or slope of the plastic region, and the back-
extrapolated CRSS represented by the intersection of the slope in the
plastic zone with the ordinate, respectively. These values are estimated
from a stress-strain plot (for a clearer illustration, see Fig. 1 of [44]). The
affine linearization was used for the calculations. The model’s fit was
carried out through the experimental uniaxial tensile curves for the
as-built state. Besides, the simulations were validated by comparing the
experimental and simulated pole figures after tensile tests. Table 2
shows the Voce law hardening values used for the material with the
greatest homogeneous deformation.

3. Results and discussion
3.1. As-built material

Fig. 3 indicates the Scanning Electron Microscopy (SEM) image and
the Energy-Dispersive X-ray Spectroscopy (EDS) of the as-received ma-
terial in powder form. The composition spectra corroborate a hypo-
eutectic aluminum-silicon-copper (AlSi11Cu) alloy with other elements
such as magnesium, manganese, iron, and titanium.

Fig. 4(a) shows the optical microstructure of the as-built alloy with
the BD running parallel to the bars’ longitudinal direction. This figure
indicates the formation of stacked melting pools (MP). Taking a detailed
look at the MP, Fig. 4(b) highlights one melting pool boundary (MPB) in
which two zones can be differentiated between the MPB and the interior
of the MP. Fig. 4(c) reveals two microstructure characteristics: an
interconnected dark network and a light-colored cellular matrix. And
within the MPB (red dashed line), there is a more significant expansion
of the interconnected network as demonstrated by the SEM image in the
yellow box (Fig. 4(d)). In contrast, within the MP (i.e., the yellow box
labeled with the letter e), the cellular structure and the interconnected
network form a more equiaxed pattern, Fig. 4(e). This behavior may be
attributed to the fusion and re-fusion between layers, giving rise to areas
in which temperatures reach higher values during the manufacturing
process, mainly affecting the MPBs [45]. Thus, the surface of the first
solidified MP becomes the area where the new MP will fuse, forming
MPBs on which heat is transferred, defining the HAZ.

It can be seen that the light and dark areas illustrated by SEM
correspond to Si-enriched and Al cell areas, according to the EDS spec-
trums in Fig. 4(f) and the study by Rosenthal et al. [46]. Thus, using
color threshold separation with ImageJ software, Fig. 4(g) reveals that
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Fig. 3. Chemical composition of the initial powders (all of the values in Wt.%).

Al-matrix
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Fig. 4. (a) as-built material optical micrographic, (b) microstructure close to the MPB (c) cellular structure, (d) cellular structure inside the MPB, (e) cellular
structure inside the MP, (f) EDS spectra of the interconnected network and cellular structure, (g) Al-matrix and Si-rich area quantification, and (h) cellular structure

distributions of the elongated and equiaxed regions.

the area fraction of the Si-rich phase is approximately 30.8%, with the
remaining 69.2% corresponding to the primary aluminum matrix.
Furthermore, Fig. 4(h) indicates the size distributions corresponding to
the equiaxed and elongated cellular structures described in Fig. 4(g).
The distributions follow a log-normal function, suggesting that the
equiaxed network has a larger average size than the elongated network

with values of 0.69 pm and 0.64 pm, respectively.

Therefore, it is clear that the printed alloy consists of an Al matrix
and an Si-enriched network. In addition, it is also seen that the MPBs are
regions where there is considerable distortion of the Si-rich network due
to the more significant thermal gradients occurring in these areas. This
behavior suggests the presence of microstructural gradients between the
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MPB and the MP interior.

Continuing with the microstructural characterization of the as-built
alloy, Fig. 5 indicates the microstructure, texture, and tensile
behavior. The inverse pole figure (IPF) map parallel to the BD in Fig. 5
(a) indicates the clear orientation of many crystals in the 001direction.
This figure shows a well-defined morphology of columnar grains in the
MPs dominated by the previously described texture. According to the PF
and ODF sections indicated in Fig. 5(b), this texture can be explained in
terms of the development of texture components such as Cube and Goss,
which are related to the recrystallization phenomenon [47,48]. For
example, Bacroix et al. [49] found that cube-oriented grains were
associated with lower dislocation density. In turn, this softening phe-
nomenon can be attributed to the high and heterogeneous temperatures
inside the MPs generated during the repetitive solidification processes of
new layers, leading to the material’s recrystallization, forming a
feather-like pattern within each MP. This softening, due to a strong
texture component, can be manifested through the anisotropy generated
by the numerous elongated grains oriented in the same direction. And,
because these grains are the largest, this suggests that the BD orientation
is the weakest. These observations permit the visualization of additive
manufacturing processes, such as L-PBF, as they induce a heterogeneous
microstructure in the material. This behavior is in accordance with the
findings of Wu et al. [50], who noted a high fraction of columnar grains

Materials Science & Engineering A 857 (2022) 144091

after manufacturing an Al alloy. Therefore, it can be established that this
behavior corresponds well with material recrystallization, producing
elongated grains oriented in the thermal gradient direction [51,52].

As for the tensile behavior of the as-built alloy (i.e., before any heat
treatment), Fig. 5(c) reveals an aluminum alloy with a yield strength of
393 + 9 MPa, a maximum strength of 565 + 7 MPa, and elongation of 5
+ 1.2 %. These characteristics demonstrate an aluminum alloy with
higher mechanical strength than a hypoeutectic Al alloy (Al-7wt%Si)
produced by conventional thermo-mechanical methods, such as casting
with yield strength values below 100 MPa [53] or even by grain refining
through severe plastic deformation (~200 MPa yield strength) [54].

On the other hand, the low ductility of the as-built material is asso-
ciated with different parameters such as high residual stresses, pores,
and cracks generated during the printing process due to high thermal
gradients, powder material trapping and pronounced cooling speeds
[55,56]. This behavior is manifested by the formation of multiple strain
concentration sites where the material can fail. It should also be noted
that, although the as-built alloy’s ductility is low, the tension loads
applied perpendicularly to the BD through the simulated PF reveal the
formation of texture changes, with the appearance of components in the
load direction (LD). This suggests the microstructure’s susceptibility to
deformation and possible breakage of the impression texture and grain
morphology at higher deformations.

3.2. Texture and microstructure after heat treatments

Fig. 6 permits the visualization of the effect of heat treatments on the
as-built alloy’s microstructure and texture using EBSD maps and ODF
sections for each heat treatment. At first glance, in the IPF maps, it
stands out that with the increase in temperature, the strong orientation
of the printed grains in the direction 001 || BD decreases (see Fig. 6(a)
through Fig. 6(f)). Hence, for the temperature range of 200-400 °C, the
ODFs in Fig. 6(a)-6(c) indicate a reduction in texture intensity with
respect to the as-built material, although the texture of these materials is
still dominated by the presence of texture components such as Cube and
especially Goss.

At higher temperatures, that is, 500 °C and 550 °C, Fig. 6(d) and (e)
indicate an increased intensity of the Goss component, with the Cube
component remaining the same as at lower temperatures. With the
change in cooling mode, Fig. 6(f) indicates that the Cube and Goss
components lose intensity while the Rotated Cube component gains
intensity. Thus, it may be observed that after heat treatments, the initial
heterogeneous microstructure does not register significant changes in
terms of grain growth. There are, however, certain variations in terms of
preferential orientation.

Texture, analyzed through EBSD maps, suggests that the micro-
structural thermal stability of the alloy does not undergo abrupt changes
in grain growth. This is related to manufacturing processes that involve
temperatures above 550 °C [57], such as L-PBF. Thus, in L-PBF, it is
suggested that Tranufacturing > Trecrystaliization—al> giving rise to grains that
are not greatly affected by heat treatments, at temperatures reaching
550 °C for 1 h. On the other hand, the maintenance of texture compo-
nents such as Goss and Cube after heat treatments corroborates the
dominance and presence of recrystallized columnar grains, which could
change with a different temperature stimulus, such as deformation. This
is valid since the ODF weighs the texture component’s intensity,
considering the number of grains oriented in a specific direction and
their area fraction. Therefore, it may be believed that the nucleation of
new grains did not occur, and the studied heat treatments affect mainly
the Al cellular structure.

Fig. 7(a) to Fig. 7(f) present image quality (IQ) maps following
different heat treatments. In these maps, subgrains may be observed in
all of the microstructures, especially inside the columnar grains. Once
again, this highlights the exceptional thermal stability of the materials
processed by L-PBF, suggesting that subgrains are preserved at tem-
peratures above the Al recrystallization temperature. The presence of
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at 500 °C, (e) annealed at 550 °C, and (f) quenched to 550 °C.

low-angle grain boundaries (LAGB) within the columnar grains suggests
heterogeneity in misorientation, generating a larger grain curve, that is,
a high density of geometrically necessary dislocations (GND) [41,58].

On the other hand, Fig. 7(g) compares the grain size and the aspect
ratio of the grains for all of the materials. Here, two elements should be
highlighted: 1) grain sizes for the as-built material and the different heat
treatments have values of the same magnitude; 2) for grain sizes that are
smaller than 10 pm, the as-built material has higher aspect ratio values,
and the heat-treated materials indicate higher aspect ratios for grain
sizes over 10 pm. Thus, it can be inferred that although heat treatments
do not significantly change the average grain size (see Table 3), they do
change their shape, especially the larger ones (see Fig. 7(g)). Further-
more, the minor grain growth observed even after 500 °C suggests that
the grain boundary strengthening mechanism may have less influence
on the resulting material strength in both as-built and heat-treated
conditions, as discussed in greater detail in the section on hardening
mechanisms.

Cellular structure is another microstructural characteristic influ-
encing the properties of Al alloys manufactured by L-PBF. It can change

through heat treatments. Fig. 8 presents the SEM images along with the
EDS maps highlighting the main alloying elements for each heat treat-
ment. Initially, SEM images reveal changes in the material’s cellular
structure. Then, for treatments having temperatures lower than 300 °C,
Fig. 8(a) and (b) demonstrate the preservation of the structure with Si
being distributed primarily across the interconnected network and Cu
following a random distribution. When the temperature rises to 400 °C,
Fig. 8(c) indicates that the interconnected network no longer exists,
being replaced by multiple, homogeneously distributed particles with
high Si content according to the EDS maps. It is worth mentioning that
the stability of the interconnected network also depends on the holding
time of the heat treatment. For example, Bosio et al. [32] found that
cellular structures can break at temperatures lower than 400 °C with
times exceeding 5 h during direct aging.

For anneals at 500 °C and 550 °C, Fig. 8(d) and (e) reveal that the Si-
rich particles produced by the breakdown of the interconnected network
increase in size and become even more Si-enriched. For high-
temperature heat treatments and cooling in water, i.e., solubilization
heat treatment, Fig. 8(f) indicates that particles have a similar size as in
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Table 3
Microstructure properties.
Material Grain Area % Cellular and % Average
size Si-rich particle size HAGB misorientation
[pm] phase [pm] [°1
as-built 5.35 + 30.8 0.66 = 0.38 86 33.6
3.2
200 °C 5.87 + 24.3 0.62 + 0.4 85 33.6
3.0
300 °C 6.29 + 27.4 0.6 £ 0.48 79 30.9
3.5
400 °C 5.98 + 40 0.21 +£0.17 82 31.2
2.8
500 °C 6.62 + 27 0.81 +0.61 70 27.8
2.5
550 °C 4.98 + 15.6 1.06 + 0.56 84 34.8
1.9
550 °C 52+ 12,5 0.99 + 0.7 84 34.2
water 1.3

the air-cooling treatment shown in Fig. 8(d), although with different
shapes. Rapid cooling in water produces particles with less circularity
and straight edges. According to Kempf et al. [30], cellular network
destruction is consistent with temperature increments that cause a
reduction in the Si content in solid solution due to its expulsion from the
Al matrix. This solute migration confirms the formation of a supersat-
urated solid solution after manufacturing through the L-PBF process.
This is consistent with the Si diffusivity coefficient, which is greater than
aluminum’s self-diffusion coefficient, meaning that Si diffuses faster
than Al in this type of alloy, forming Si-enriched particles [59]. Also, Mg
has a higher diffusivity coefficient than Al; however, we do not observe a
clear distribution of this element by EDS as in the case of Si due to its
lesser quantity and since it may form nanometric precipitates that
cannot be observed with SEM. On the other hand, elements such as Fe
and Mn have a lower diffusion coefficient than Al.

3.3. Mechanical properties

The result of heat treatments on microstructure and its influence on
the alloy’s mechanical properties is analyzed with uniaxial tensile tests.
Fig. 9 summarizes and compares the mechanical properties in the as-
built state and following distinct heat treatments. Fig. 9(a) shows the
tensile curves for all materials together with the simulated curves using
the VPSC model. With the heat treatments, the alloy indicates a ductility
improvement at the cost of its strength. Fig. 9(b) reveals various strength
and ductility values that decrease and increase, respectively, with

increasing annealing temperature. However, heating the alloy at 550 °C
and cooling in water produces intermediate properties between
annealing at 300 °C and 400 °C. The reduced elongation following the
annealing and quenching at 550 °C can be associated with the embrit-
tlement effect due to the migration of larger solutes (mainly Si atoms)
from the Al matrix to the particles, as discussed in the following sections.

The tensile strength evolution is consistent with the material’s cor-
responding microstructure. For heat treatments up to 300 °C in which
the cellular network is maintained, only changes in strength occur with
ductility that is very similar to that of as-built material. On the contrary,
when the cellular network is broken and uniformly distributed particles
are formed (T > 400 °C), the material undergoes reductions in strength
with homogeneous deformations greater than 15%. It should be noted
that when the solutionization treatment is applied, better strength-
ductility ratios than annealing at 550 °C are obtained (see Fig. 9(b)).
This can be attributed to the generation of texture components such as
Rotated cube and the formation of non-circular shaped particles with
lower Si content due to rapid cooling in water. The lower elongation in
the sample annealed at 200 °C as compared to the as-built state may be
related to defects such as micropores or scratches from the melting and
cutting process, respectively. Kempf et al. found cracks and pores
(metallurgical and keyholes) on the fracture area surface of an A1Si10Mg
after annealing at 300 °C [30]. According to the hardness values pre-
sented in Fig. 9(c), the quenched material attains hardness values that
are greater than those of the other tested conditions, even the as-built
one. This verifies that rapid cooling does not favor the excessive
growth of precipitates and gives less time for the release of Si in solid
solution than cooling in air. Furthermore, the fast cooling rate could
have a lower impact on the nanoprecipitates than the slow annealing
cooling rate.

Fig. 9(d) compares the tensile properties of the as-built alloy with
those obtained from casting and a combination of rolling with severe
plastic deformation (SPD) processes such as Equal Channel Angular
Pressing (ECAP). At first glance, the as-built and heat-treated alloy
strength and ductility values are higher than the Al-11Si alloy in the as-
cast, cast + rolling, and ECAP + rolling conditions reported by Son et al.
[60]. Accordingly, the annealing treatments demonstrate a wide variety
of mechanical properties with remarkable strength-ductility combina-
tions over SPD techniques.

Thus, the great potential of additive manufacturing technologies to
offer a new generation of materials has been verified. Furthermore, L-
PBF permits the creation of heterogeneous and tougher materials having
characteristics that are distinct from those obtained with traditional
processes.
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Fig. 8. SEM and EDS maps for the heat-treated materials. (a) 200 °C, (b) 300 °C, (c) 400 °C, (d) 500 °C, (e) 550 °C, and (f) 550 °C water.

3.4. Strain distribution and changes in the cellular network

Fig. 10 presents the strain profiles along with the tensile specimens
before fracture. Video 1 summarizes all of the tensile tests indicating the
changes in strain distribution and the evolution of the average strain. For
the as-built material and with annealing temperatures below 300 °C, the
strain profiles and tensile tests reveal a heterogeneous strain concen-
tration. This behavior is associated with the microstructures indicated in
Fig. 8, where the interconnected Si network is maintained up to 300 °C.
Hence, the heterogeneous distribution of deformations can be associated
with the multiple connections of the interconnected network that act as
stress concentration points. Thus, the interconnected network walls do
not permit significant movement of dislocations since they can reduce
dislocation mean free path, causing material hardening through dislo-
cation pile-ups and, simultaneously, multiple stress concentration points
during the tensile test. Furthermore, the texture indicated in Fig. 5(b)
and Fig. 6 demonstrates that up to the heat treatment of 300 °C, the
components are very similar to those of the as-built material. The het-
erogeneous state of deformation is manifested by high strains concen-
trated in small areas generating serrated deformation profiles, Fig. 10(a)
through Fig. 10(c). Then, the multiple strain concentration points
interconnect to form multiple strain bands before fracture as shown in
Video 1. Thus, annealing treatments with temperatures below 300 °C do

not significantly alter ductility. However, when the heat treatment
temperature exceeds 400 °C, and the interconnected cell structure
breaks down, the strain profiles and maps before fracture, indicated in
Fig. 10(d) and (e), and Video 1, confirm that the strain is concentrated in
a specific area at the end of the test. This behavior is represented by a
single peak strain profile, allowing more significant elongation before
fracture, as indicated in Fig. 9. Thus, the breaking of the Si-enriched
network, as indicated in Fig. 8, reduces the material strength while
simultaneously generating more space for the movement of dislocations,
permitting higher fracture strains, according to Fig. 9.

Supplementary video related to this article can be found at htt
ps://doi.org/10.1016/j.msea.2022.144091

For heat treatments at a temperature of 550 °C, Fig. 10(f) and (g)
indicate plateau-type strain profiles with the strain being distributed
more evenly over the entire length of the tensile specimen at the end of
the test. Rapid cooling from a temperature of 550 °C results in not only a
more homogeneous strain distribution over the entire length tested, but
also a good combination of strength and ductility. Although both
treatments at 550 °C generate similar deformation profiles, the marked
difference in the strength-ductility relationship is associated with the
type of cooling, which generates different amounts of Si in solid solution
and particles of different sizes, as shown below.

The effect of temperature on the transformations of the Si-rich cell
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network is shown in Fig. 11. Temperatures lower than 300 °C permit the
cell network to be maintained with minor Si content increments, Fig. 11
(a) and (b). On the contrary, the heating of the alloy above 400 °C
produces a breakdown of the cellular network that gives rise to a dis-
tribution of homogeneous particles that grow in size with increasing
temperature (see Fig. 11(c)-11(f)). Furthermore, in Fig. 11(g) it is
observed that cellular structure size for annealing treatments at 200 °C
and 300 °C does not change abruptly in the as-built material, as indi-
cated in Fig. 4(h). From the breakdown of the cellular structure, that is,
annealing heat treatment at 400 °C, the microstructure changes to a
homogeneous distribution of Si-rich particles having an average size of
0.21 + 0.17 pm, reaching sizes greater than 1 4+ 0.56 pm above 550 °C.
Thus, as the particles grow, their density decreases, increasing the sep-
aration between them. This behavior can be better described by the
critical radius equation of nucleation (R) [61]:

2 )
ksTIn(C/C.)
where y is the interface energy between the matrix and the precipitates,
9, represents the volume of atoms, kg is the Boltzmann constant, T is the
temperature, C is the instantaneous solute concentration, and C, the
balanced concentration of solute in the matrix. When the heat treatment
is applied on the alloy, the exsolution of solute atoms from supersatu-
rated solid solution occurs, and the nucleation of precipitates is thereby
initiated. Eq. (5) shows an inversely proportional relationship between
the critical radius and the temperature; the higher the temperature, the
lower the critical radius, indicating the coarsening of precipitated pha-
ses. Furthermore, when the nucleation process ends, the particles can
grow by absorbing smaller particles in their proximity [26]. Thus, fewer
particles with an increased area are generated following an Ostwald
ripening mechanism. According to Du et al. [62], the growth of pre-
cipitates in Al alloys subjected to annealing can be described by the
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Lifshitz—Slyozov-Wagner model, according to the following equation:

R —R} =Kt )
where R and Ry represent the initial and final size of the precipitated
particles, t is the time, and K is the growing coefficient described by the
equation below [62]:

892yC.;D
T 9T )
where D = Dy exp(z2) is the solute diffusion coefficient, Dy is the initial
diffusion coefficient, Q the activation energy, Trefers to temperature,
and R is a constant (8.31 Jmol K™ 1).

Given that in this study, all of the treatments used the same holding
time, the growth of the particles is more significant when there is more
diffusion, which is favored at higher temperatures. Solute migration
from the Al matrix towards the particles increasing their weight per-
centage from 11% Si to 17% after treatment at 550 °C is reflected in the
Si content indicated in the SEM images of Fig. 11 and Fig. S1 of the
supplementary material. However, rapid cooling media permit particles
of a lower Si quantity, producing a quenched material with a greater
strength than in air-cooled condition. For this reason, Si-rich particles
are larger in air cooling than in water cooling, as illustrated in Fig. 11(g).
Therefore, the high strength and low ductility of the as-built material are
related to the Si interconnected network that serves as a barrier to the
movement of dislocations and the supersaturated Al solid solution.
Later, when the cellular network breaks and Si- enriched particles
appear, the material strength decreases while the ductility increases due
to the additional space for the movement of the dislocations, which
increases with the growth of the Si-rich particles. Therefore, the mean
free path for the movement of the dislocations increases. Zhang et al.
[63] demonstrated that the AlSi3.5Mg2.5 alloy subjected to direct aging
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exhibited greater dislocation generation and annihilation rate than in
the as-built state. This behavior was attributed to the fact that after
direct aging, the isolated precipitates presented weaker constrictions for
dislocations than the cell boundary network in the as-built state.

Thus, for the range of temperatures tested and the constant time,
there are no significant changes in the grain size (see Table 3), and the
mechanical properties of the materials depend greatly on the state of the
cellular network and the solute atoms in the Al matrix. However, when
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the network changes to large particles, the hardening contribution of
both precipitates and solid solution elements can be significantly
penalized due to the growth of the precipitates and the migration of solid
solution elements towards the particles. In this context, Santos Macias
et al. [28] demonstrated that using a temperature of 200 °C during the
printing of an AlSi10Mg alloy increases the precipitates size as well as
some disconnections in the cellular network affecting the alloy strength,
unlike that manufactured at room temperature.
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To better understand the mechanical properties of the Al alloy in the
as-built state and after the different heat treatments, the distinct hard-
ening mechanisms are discussed below.

3.5. Hardening mechanisms

In terms of the strengthening mechanisms, several authors have
established that the strength of Al-Si alloys obtained by AM is the sum of
the Si- enriched network and the Al cellular structure contributions
according to the following equation [28,64]:

®

Oy :fcell (0'0 + Opreci =+ O + Odisioc + D'bound) +ﬁxeraload

where f,.; and fpe: represent the fractions of the cellular and Si-enriched
network, respectively. With f..; and fy. satisfying that: feoy + free = 1.
On the other hand, the components 6o, Gprecis Oss, Oisiocs Obound> aNd Gload
represent the contributions of the friction stress, precipitates, solid so-
lution, dislocations, Si-network boundaries, and the Si network load
capacity, respectively. Each contribution follows the equations below:

MGb
Opreci = I )
055 =kC*’ (10
Guisioc = AMGb~/p an

k a2

Obound = 75—
dnet
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where M is the Taylor factor, G the shear modulus, b the Burgers vector, [

_ preci

the particle spacing in the slip plane (I =% 327@’ dpreci the precipitates

diameter, f, the volume fraction of particles, k a constant for Si, C the
concentration of Si in solid solution, « a dislocation hardening constant,
p the dislocations density (P = Ponp + Pstasisticalystored)> and kq the
thickness of the Si-rich network, which can be considered the diameter
of the Al cells (dpe;)-

Since the cellular network is maintained to heat treatment of 300 °C,
as shown in Fig. 11, it is valid to use Eq. (8) to describe the alloy’s yield
strength. However, as of 400 °C, when the cellular network breaks and
there is a pronounced decrease in strength, the boundaries and the
cellular network load tend to be less relevant. Therefore, Eq. (8) can be
simplified to the classical equation used to describe the strength of
conventionally produced alloys. That is, 6y, = 6, + Opreci + Oss + Odistoc-

Although the material is subjected to high temperatures during the
manufacturing process, the high density of dislocations in additive
manufactured metallic materials has yet to be clearly explained. Some
authors have suggested that its origin is independent of the metallic
system and depends on the AM process—for example, the thermal in-
homogeneity generated during melting gives repetitive stress-
compression cycles, which are considered to be the major contribution
to high-density dislocations [65].

Regarding dislocations, we have described the hardening contribu-
tion of dislocations based on the GND magnitudes calculated by EBSD.
These dislocations are part of the overall number of dislocations in the
material, and they are related to subgrain development (i.e., misorien-
tation variations) and crystal curvature. Hence, we cannot assess the
absolute magnitude of dislocation density, but we can infer the effect of
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heat treatment on the dislocation hardening mechanism. Thus, contrary
to the evident recovery, recrystallization, dislocations annihilation, and
increased misorientation occurring in Al alloys produced by traditional
methods when subjected to high temperatures [47,66]; the alloy pro-
duced by L-PBF shows no significant changes in grain size, HAGB frac-
tions, and average misorientation (see Table 3) even after annealing at
550 °C. This behavior reveals that the hardening contribution magni-
tude from dislocations should not change considerably following the
heat treatments, as evidenced in Fig. 12 with the GNDs evolution indi-
cating similar magnitudes. For example, Santos Macias et al. [28] re-
ported no change in the dislocation hardening contribution when they
manufactured an AlSi10Mg alloy using two different build platform
temperatures. They also found that the dislocations’ hardening contri-
bution was the second lowest after the friction stress.

In the present investigation, dislocation strengthening begins to be
more representative of the alloy yield stress as the annealing tempera-
ture increases. This is because other hardening mechanisms such as the
interconnected network, solid solution, and precipitates are less effec-
tive, almost negligible when the annealing temperature is high (in this
study, temperatures above 300 °C). Moreover, since GNDs quantify the
curvature and grouping of dislocations in the LAGBs, their behavior can
be an excellent indicator of the alloy’s grain size stability. Thus, Fig. 12
(a) indicates a reduction in GND density after heat treatments relative to
the as-built material, demonstrating that the alloy does not experience
strong recovery or recrystallization after the heat treatments.

Another relevant aspect of GNDs is their distribution within the
microstructure, as shown in Fig. 12(b). These maps allow us to appre-
ciate their heterogeneous distribution, with the highest densities
occurring within the largest grains. According to Munoz et al. [14], the
anisotropy induced by the L-PBF process generates columnar grains
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oriented to the BD, with GND densities being dependent on measure-
ment direction. For clarity, Fig. 12(c) plots the GND profiles across the
width of the melt pools (red lines in Fig. 12(b)). These profiles confirm
that a peak occurs at the half-width of the MP, where more GNDs are
piled. Therefore, the higher GND densities are located in the middle
zone and they decrease as they approach the MPB, as shown in the
sketch in Fig. 12(c). Therefore, there are more significant plastic gra-
dients in the perpendicular direction than parallel to the BD. This
behavior reveals the anisotropy of the alloy in correspondence with the
columnar grains indicated in Fig. 6.

Other hardening mechanisms such as precipitation and solid solution
are also affected by temperature. According to Eq. (9), the precipitate
hardening is inversely proportional to the spacing between precipitated
particles, which in turn depends directly on the diameter of the pre-
cipitates [31]. Therefore, the increase in temperature causes the pre-
cipitates to increase in size, making their mean distance larger, as
described in the previous section and indicated in Fig. 11. In addition, as
shown by the EDS of Fig. 11, with increasing temperature, more sig-
nificant amounts of Si are observed in the particles, demonstrating the
depletion of Si in solid solution, which decreases the contribution from
the solid solution according to Eq. (10). On the other hand, rapid cooling
from 550 °C is found to produce better strength than air cooling due to
the lower Si migration to the particles. Thus, slow cooling leads to more
notable deterioration of the hardening mechanisms as compared to
water cooling. Therefore, according to several investigations of Al alloys
[61,62], it is seen that the growth of Si-enriched particles is a function of
the diffusion rate, which increases with temperature (as shown in Eq.
(7)) but decreases with faster quenching.
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Fig. 13. Texture evolution simulation during the tensile tests for all of the materials with the loading direction (LD) perpendicular to BD.
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3.6. VPSC simulations

The anisotropy study of metallic materials produced by 3D printing
is critical for its successful application [67,68]. Simulations using the
VPSC model predicted tensile curves at different orientations. Thus, the
Lankford coefficients were calculated.

Fig. 13 and Fig. 14 indicate the simulated texture changes at different
levels of deformation during the tensile test, considering the applied
load that is parallel and perpendicular to the BD, respectively. Thus, the
simulated texture evolution for the tensile tests shows a good correlation
with the experimental texture measured after the tensile test, as seen in
Fig. S2 of the supplementary material.

At first glance, Fig. 13 shows that 5% tensile deformation changes
the texture concerning the as-built material when the load direction (LD)
is perpendicular to the BD. After the breakdown of the Si-enriched
network (i.e., T > 400 °C), more significant deformations are reached,
leading to substantial changes in alloy texture. Thus, deformations
larger than 10% go from an initial texture dominated by the Goss
component to a texture in which the Brass and Cube components
dominate. For example, the material annealed at 500 °C indicates that
the Brass component begins to form from the Goss component, breaking
the Cubo-Goss fiber as the deformation increases. On the other hand,
when the load is applied in a direction that is parallel to the BD, the
texture does not undergo such substantial changes with regard to the
initial texture, maintaining the Cubo-Goss fiber and decreasing the
dispersion in the components with the increase in deformation, Fig. 14.
It should also be noted that when the LD is parallel to the BD, the Copper
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component begins to form in the BD from the Goss component. There-
fore, the breakdown of the cellular network permits the development of
more significant changes in texture when the load is applied perpen-
dicular to the BD, as compared to parallel application.

This behavior relates well to the microstructures described in Figs. 6
and 7, in which applying the load on the BD demonstrates the already
well-defined orientation of the elongated columnar grains on the BD. On
the contrary, the load applied perpendicularly to the BD breaks the
texture, possibly changing the grains’ shape and orientation. Therefore,
it can be inferred that applying the load parallel to BD with the initial
elongated grains in this direction leads to an earlier fracture than with
perpendicular application. Thus, materials annealed with the load that is
applied perpendicularly to the BD register higher sliding activity con-
cerning the as-built material as compared to the load that is parallel to
the BD (see plots in Figs. 13 and 14). These marked differences in the
sliding activities prove the effect of higher dislocation densities
depending on measurement direction and applied load orientation [69].

Using VPSC simulations, we can predict the tensile behavior for
different orientations and thus predict the alloy’s anisotropy. Fig. 15
indicates the predicted tensile curves for each material together with the
Lankford coefficients. Adjusting the model to the experimental curve
perpendicular to BD, the behavior for the direction parallel to BD and
with a rotation of ~60° around the axis perpendicular to the plane
containing the BD (the orientation with the lowest Lankford coefficient)
is predicted. In all cases, Fig. 15(a)-15(g) show that the BD and the 60°
oriented samples predict the lowest and highest strength in all materials,
respectively. Liu et al. [67] also showed that the BD had lower strength
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than the perpendicular direction for an Al-12% Si alloy produced by
L-PBF. This behavior is related to the Lankford coefficients that describe
the anisotropy of the materials as indicated in the insets of Fig. 15
compared to the as-built material. At first glance, the higher the tem-
perature, the lower the Lankford coefficient variation, as indicated by
the reduction of the shading between the maximum and minimum of
each curve in the insets. This behavior corresponds well to the texture
intensity reduction and the development of different components
depending on the orientation tested, as seen in Figs. 6, Fig. 13, and
Fig. 14. In addition, the decreased scattering on the Lankford co-
efficients for the heat-treated materials also demonstrates the reduction
in differences between the tensile curves.

The evolution of the Lankford coefficients also suggests that the di-
rection perpendicular to the BD has a better formability capacity (i.e.,
higher Lankford coefficient value) than the BD and that the lowest
values are located at 30°-40° from the BD. It is also worth noting that the
average plastic strain ratio (r) and planar anisotropy (Ar) described by
the following equations manifest diverse behaviors [70]:

?:V¢J+2r45 + rop 13)
4
Are ro — 2r4s + rog 14

2

where ry, r45, and rgy represent the Lankford coefficients at the orien-
tations of 0°, 45°, and 90°.

The values of 7 indicated in Fig. 15(a)-15(g) are very similar for all
materials varying between 0.9 and 1.07, while the Ar values are much
higher in as-built and annealed materials below 300 °C. As of 400 °C and
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higher, the planar anisotropy values decrease with temperature,
revealing that the lower texture intensity and the breakdown of the
cellular network give rise to a more isotropic material with 7 values close
to 1 and with Ar approaching 0.

When comparing the 7 values of this alloy obtained by L-PBF with
those of Al alloys produced by conventional processes, it was found that
the as-built alloy plus heat treatments tend to have higher values of
rwith lower Ar showing a more isotropic behavior, Fig. 16(a). This
figure also shows how alloys subjected to plastic deformation can
improve their formability. For example, Miki et al. [71] showed that
when using asymmetric rolling (ASR) and conventional cold rolling
(CR), the former improved the alloy’s formability as a consequence of
shear deformations that break the texture, reducing the intensity of the
Cube component. Thus, despite the as-built material developing texture
components such as Cube, which are not beneficial for improving
formability, heat treatments help reduce its intensity, forming compo-
nents such as Rotated Cube, especially at high temperatures.

The heat treatments for 1 h on the material suggest good strength-
ductility relationships compared to various Al alloys obtained by AM
subjected to different heat treatments, Fig. 16(b). This figure shows how
the as-built alloys present strengths much higher than the as-cast con-
dition, although with reduced ductility. Thus, annealing heat treatments
demonstrate that ductility can be improved when maintaining high
strengths. Furthermore, heat treatments such as aging or solution
treatments have been shown to improve ductility with elongations of
10%, maintaining strengths above 350 MPa. On the other hand,
annealing significantly improves ductility, although the decrease in
strength begins to be significant, especially for heat treatments involving
high temperatures. However, in Fig. 16(b) it can be seen that the alloy
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properties after annealing in this study offer good strength-ductility
ratios. For example, Liu et al. [67] subjected an AlSil12 alloy to several
annealing treatments with temperatures being similar to those of this
study, but with a holding time of 2 h, resulting in similar elongations but
lower strengths. However, the strength-ductility ratios after heat treat-
ments are not as remarkable as in other studies where, by adding Si and
Mg, elongations of over 30% were achieved, along with strengths of over
350 MPa [72]. This work also presents remarkable results in anisotropy
reduction, one of the problems of great interest in alloys obtained by
AM.

Therefore, L-PBF permits the generation of an Al alloy having
properties superior to those obtained by traditional processes due to the
creation of microstructures made up of a Si-rich interconnected network,
a heterogeneous grain size distribution, and high density of dislocations.
However, the stiffness of the Si network and the strong texture generate
low ductility and anisotropy. Therefore, heat treatments generate
various properties with different ductility and strength while reducing
anisotropy with increasing temperature.

4. Conclusions

By subjecting a hypoeutectic AlSi11Cu alloy to different heat treat-
ments after the manufacturing process, the following conclusions can be
reached:

1) The alloy presented a structure formed by an Al matrix surrounded
by a network enriched in Si. This network demonstrated stability up
to temperatures of 300 °C. Above this temperature, the inter-
connected network breaks, generating uniformly distributed parti-
cles that grow due to the migration of Si in solid solution and the
absorption of neighboring particles.

2) The manufacturing process generated a heterogeneous microstruc-
ture formed by equiaxed and large grains with columnar
morphology, maintained after the heat treatments. In addition, the
texture studies demonstrated the dominance of recrystallization
components such as Goss and Cube. This indicates the preservation
of the grain boundary strengthening component as confirmed by the
small changes in misorientation and grain sizes after heat treatments.
It was possible to improve the alloy’s ductility through heat treat-
ments at the cost of reducing its strength, indicating a broad scope of
properties depending on the temperature and the cooling medium.
For example, after annealing at 500 °C, tensile strength was over 200
MPa, with a final fracture strain close to 25%. On the other hand,
quenching at 550 °C led to an attractive combination of strength and
ductility (400 MPa maximum stress and 10% fracture strain).
Strength deterioration with the heat treatments is associated with
different factors such as the breakdown of the Si-rich interconnected
network and the migration of Si in the solid solution towards the
particles that remain from the network breaking, causing them to
grow with the temperature increase affecting the solid solution and
precipitates hardening mechanisms.
VSPC simulation determined that the as-built alloy with the BD
parallel to the longitudinal axis of the bars presented high strengths
when the load was applied at 30° with regard to BD and the lowest
strength when applied perpendicular to the BD. According to Lank-
ford coefficients, this predicted anisotropy effect was more pro-
nounced in the as-built material and decreased as the temperature of
the heat treatments increased.
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