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ABSTRACT

Titanium and its alloys have been widely used in biomedical applications. Ti-6Al-
4V and Ti-6Al-7Nb are the most employed Ti alloys for dental and orthopaedic implants. Ti
alloys are preferred over stainless steel and CrCo alloys due to their distinctive properties
such as low density, high specific resistance, high corrosion resistance, especially in contact
with human fluids and tissues, and biocompatibility. Despite their excellent properties,
orthopaedic hip implants have three main issues, due to the alloy properties that

compromise their durability.

Firstly, the currently used Ti alloys have higher elastic modulus values than the bone.
The mismatch between the elastic moduli of the bone (10-30 GPa) and Ti alloys (100-110 GPa)
produces the stress-shielding phenomenon. In the long term, stress-shielding produces bone
resorption, which causes implant loosening. Secondly, due to the low wear resistance of Ti
alloys, metal ions and wear particles are released, which could have harmful local and
systemic effects, and cause cell tissue damage. Finally, the lack of bioactivity of Ti limits the
bone growth around the implant, affecting the bonding between both surfaces (bone and
implant), until its loosening. All these problems cause the premature failure of hip implants,
increasing the revision surgeries rate, since the prosthesis must be replaced earlier than
expected. Therefore, suitable Ti alloys for orthopaedic applications must exhibit low elastic
modulus, high wear resistance, and high bioactivity, to prevent the occurrence of these

problems.

This thesis attempts to cover the previous problems, pursuing the following goal:
development of biocompatible and low modulus 3-Ti alloys with improved wear resistance
and a biofunctionalised surface to improve the interaction between the implant surface and

bone tissue.

B-Ti alloys were processed using Nb and Fe as alloying elements and TiH: as Ti
source. Both Fe and Nb are non-toxic and biocompatible 3-stabiliser elements. Ti-Nb alloys
have gained attention to produce biomedical Ti alloys, because they exhibit a lower elastic
modulus. Fe alloying element reduces the Nb content necessary, and therefore the alloy cost,
maintaining the 3-Ti phase. Moreover, it has been reported that small Fe additions improve
the Ti sinterability and mechanical properties. TiHz is cheaper than CP-Ti, and it offers higher
sinterability than elemental Ti and provides an inert atmosphere during its decomposition,
which protects the particle surface during the consolidation, preventing contamination
issues. Therefore, TiHz is an attractive candidate to produce Ti-based components, while
maintaining mechanical properties and reducing the processing costs. The design and
development of these (3-Ti alloys are described in detail in Chapter 4 and Chapter 5.
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The success of TiH: use as a Ti substitute, highly depends on the dehydrogenation
process, that is, how hydrogen is released when the sample is heated. Hence, this thesis
includes a detailed study about the dehydrogenation process and how alloying elements (Nb
and Fe) influence this process, considering the effect that they have, when they are
incorporated individually and in a combination form. From this study, relevant principles
were established to define the appropriate consolidation conditions that promote a
controlled and complete transformation from TiH: to Ti. The details of this study are

included in Chapter 4.

Wear resistance was improved following two strategies described in Chapter 6: (1)
by developing Ti composite materials, incorporating TiB: and TiN particles as ceramic
reinforcements, and (2) by promoting the formation of TiN coatings obtained by nitriding
treatments. Finally, surface modification was performed by micro-arc oxidation treatments,
obtaining a porous layer of titanium oxide on the sample surface, which is enriched with
bioactive elements (Ca and P) and antibacterial agents (ZnO) that enhance the cellular
response, improve osseointegration, and prevent the bacteria proliferation. This study is

included in Chapter 7.

Processed samples were evaluated based on their microstructural features and
mechanical properties (hardness, elastic modulus, fatigue behaviour), as well aswear
resistance. Furthermore, the biocompatibility of the base alloys was studied, confirming the

viability of these substrates for biomedical applications.

The main results obtained establish that the low-cost (3-Ti alloys developed in this
work are suitable candidates for biomedical applications. They show reduced elastic
modulus values and improved wear resistance. Regarding biofunctionalised surfaces,
samples presented a multiscale porous structure and a high Ca/P ratio. These are promising

features to promote osseointegration and mimic the implant with the bone tissue.
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RESUMEN

El titanio y sus aleaciones son materiales ampliamente utilizados en aplicaciones
biomédicas. Entre estas aleaciones destacan el Ti-6Al-4V y Ti-6Al-7Nb que componen la
mayoria de implantes dentales y ortopédicos. El principal motivo para el uso de estos
materiales frente al acero inoxidable y aleaciones CrCo responde a su combinacion de
propiedades, tales como baja densidad, alta resistencia especifica, alta resistencia a la
corrosion, especialmente en contacto con fluidos y tejidos corporales, y biocompatibilidad.
Pese a sus buenas propiedades, los implantes ortopédicos de cadera presentan tres
problemas principales relacionados con las propiedades del material, que comprometen la

durabilidad del implante.

Primero, las aleaciones de titanio mas utilizadas presentan un elevado médulo de
elasticidad en comparacion con el hueso. La diferencia entre el mddulo elastico del hueso
(10-30 GPa) y el mddulo elastico de las aleaciones de Ti (100-110 GPa) provoca el fendémeno
conocido como “stress-shielding”. A largo plazo, el stress-shielding produce la resorcion
Osea, que desencadena en el aflojamiento y pérdida del implante. Segundo, debido a la baja
resistencia a desgaste de las aleaciones de Ti se liberan iones metalicos y particulas de
desgaste que podrian causar efectos locales, sistémicos y dafios en el tejido celular. Por
altimo, la falta de bioactividad del Ti impide el crecimiento dseo alrededor del implante,
perjudicando la unién entre ambas superficies (hueso-implante). Esto podria afectar a la

fijacion del implante hasta producir su desprendimiento.

Los problemas enumerados anteriormente estan asociados al fallo prematuro de los
implantes de cadera. A causa de ellos aumenta la tasa de cirugias de revision y las protesis
deben ser reemplazadas antes de lo esperado. En consecuencia, con objeto de evitar su
aparicion, las aleaciones de Ti apropiadas para aplicaciones ortopédicas deben presentar bajo

modulo elastico, alta resistencia al desgaste y alta bioactividad.

Esta tesis aborda la problematica anterior persiguiendo el siguiente objetivo: el
desarrollo de aleaciones 3-Ti de bajo modulo eldstico, biocompatibles, con una resistencia al
desgaste mejorada y una superficie biofuncionalizada a fin de mejorar la interaccion entre la

superficie del implante y el tejido 6seo.

Las aleaciones 3-Ti se procesaron utilizando Nb y Fe como elementos de la aleacion
y TiH2 como fuente de Ti. El Fe y el Nb son elementos estabilizadores de la fase 3, no toxicos
y biocompatibles. El uso de Nb en el desarrollo de aleaciones biomédicas de Ti es de gran
interés debido a la significativa reduccion del mddulo elastico reportado en las aleaciones
Ti-Nb. El Fe, por su parte, aporta interesantes ventajas: permite disminuir el contenido de
Nb, manteniendo la microestructura constituida por fase 3-Ti; reduce el coste total de la
aleacion, al reducir el contenido de Nb; y mejora la sinterabilidad del Ti y las propiedades
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mecanicas. El TiHz es mas barato que el Ti. Presenta mayor sinterabilidad que el Ti elemental
y provee una atmosfera inerte durante su descomposicion que protege la superficie de las
particulas, reduciendo la contaminacion de la pieza. Por ello, se considera un candidato
atractivo para producir componentes base Ti manteniendo sus propiedades mecanicas y
reduciendo los costes de procesamiento. El disefio y desarrollo de estas aleaciones de 3-Ti se

describe en detalle en el Capitulo 4 y Capitulo 5.

El proceso de deshidrogenacidn, es decir, como se libera el hidrégeno a medida que
se caliente la muestra, determina, en gran medida, el éxito para sustituir el Ti por TiHz. Por
ello, esta tesis incluye un estudio detallado sobre el proceso de deshidrogenacion, asi como
la influencia de los elementos de aleacion (Nb y Fe) en este proceso, evaluando su efecto al
anadirse de forma individual y combinada/conjunta. Como resultado de este estudio
surgieron consideraciones relevantes, empleadas para definir las condiciones mas adecuadas
de consolidaciéon de las muestras, a fin de promover una transformacion controlada y

completa de TiH: a Ti. Los detalles de este estudio se presentan en el Capitulo 4.

Para la mejora de la resistencia al desgaste de las aleaciones 3 se proponen dos
estrategias, descritas en el Capitulo 6: (1) desarrollar materiales compuestos incorporando
particulas de TiB2 y TiN como refuerzos ceramicos; (2) producir recubrimientos de TiN
mediante tratamientos de nitrurado. Finalmente, se modifica la superficie del material
mediante tratamientos de “micro-arc oxidation (anodizado). Con este tratamiento se obtiene
una capa porosa de 6xido de titanio enriquecida con elementos bioactivos (Ca y P) y agentes
antibacterianos (ZnO) que potencian la respuesta celular, mejoran la osteointegraciéon y

evitan/reducen la proliferacion de bacterias. Este estudio se desarrolla en el Capitulo 7.

Las muestras procesadas con las premisas anteriores se evaluaron en funcion de sus
caracteristicas microestructurales, propiedades mecanicas (dureza, médulo de elasticidad,
comportamiento a fatiga), y resistencia a desgaste. Ademas, se estudio la biocompatibilidad
de las aleaciones base que confirma la viabilidad de estos sustratos en aplicaciones

biomédicas.

Los resultados principales indican que las aleaciones 3-Ti de bajo coste, producidas
y modificadas en este trabajo son adecuadas para aplicaciones biomédicas: presentan valores
de mddulo elastico reducidos y mejor resistencia al desgaste. Los resultados obtenidos en las
superficies biofuncionalizadas son prometedores ya que las muestras exhiben una estructura
porosa multiescala y una alta relacion Ca/P, utiles para mimetizar el implante con el tejido

0seo y favorecer la osteointegracion.
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1.1. Biomaterials for orthopaedic applications.

Biomaterials, whether of synthetic or natural origin, are defined as "materials that
interact with biological systems to evaluate, treat, reinforce or replace any tissue, organ or
function of the body" [1]. They are used in a wide range of applications, from contact lenses,
heart valves, blood vessel prosthesis, cochlear implants, skin repair devices, dental and
orthopaedic implants, etc. Since they are in intimate contact with living tissues, the main
requirement of biomaterials is that they must be biocompatible as do not induce harmful
effects to the host.

According to their chemical nature, biomaterials can be classified into four main
groups: metals, ceramics, polymers and composites [2]. Table 1.1 lists the main properties
and common causes of failure of the different materials employed for orthopaedic implants.
In the orthopaedic field, above 80% of load-bearing implants are metallic since their
properties outperform ceramic and polymer implant properties [3]. Polymer bearings reduce
the coefficient of friction in the joint, but exhibit a high wear rate, producing osteolysis and
then aseptic implant loosening. Ceramic components reduce the wear rate due to their high
hardness, but this also makes them brittle, so they present failure by fracture of the ceramic
femoral head. [4]

Table 1.1. Features of different materials groups employed in orthopaedic implants. Adapted from [5]

Material Common . ] Cause of failure
. Properties Failure
group materials
Stainless steel =~ High mechanical =~ Adverse reaction  Release of allergic
Cobalt-chrome properties, low due to corrosion.  substances and
Biometals Ti and Ti elastic modulus, high elastic
alloys low density. modulus.
Alumina High Low fracture High elastic
. . Zirconia biocompatibility,  toughness. modulus
Bioceramics )
compression compared to
strength. bone.
PTFE Appropriate Inflammation and Releases
Biopolymers UHMWPE primary fixation.  degradation of monomers in the
PEEK implants. body.
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Hip implant design, employed materials, and the combination of these have
continuously evolved over the years, looking to find a balance between biocompatibility and
good mechanical properties such as fatigue resistance, stiffness, and roughness, in order to

guarantee hip replacement surgery success in the long term [6], [7].

The biocompatibility of a metallic implant is related to its corrosion resistance. Since
implants are in contact with human fluids, that constitutes an aggressive environment,
which may favour the generation of undesirable corrosion products, reducing the structural
integrity of the implant [8]. Corrosion products may have possible biological effects caused
by metal ions and debris particles released by wear. Hip implants are continuously exposed
to wear, which are produced due to the continuous relative motion at the joint that causes
friction between the surfaces. Wear debris may lead to adverse reactions leading to osteolysis
and cytotoxic effects. To prevent this, the new implant generation must be made using non-
toxic elements that do not risk the safety and health of the patient if wear debris is formed
[9], [10]

Although metallic materials are biocompatible, they are bioinert, meaning that they
lack bioactivity. This means no biological interactions between implant and tissue are
naturally produced, limiting the fixation between the implant and bone. The challenge
consists in improving the biological response by different surface modification techniques
that have been developed, attempting to induce the osseointegration of the implant with the

surrounding tissues.

The mechanical properties of metallic implants should be similar to those of the
implanted host tissue, especially the Young modulus. Mismatch of Young modulus between
implant material and bone leads to stress-shielding phenomenon that, in the long term,

produces bone resorption, fixation loss and early implant loosening.

To summarise, an ideal material for load-bearing implants should have the following
requirements: 1) high biocompatibility, 2) high corrosion resistance, 3) good mechanical
properties (low Young's modulus, high fatigue resistance, high ultimate tensile strength), 4)
high wear resistance and 5) osseointegration ability [9]-[11]. Figure 1.1 shows some issues
related to the lack of these requirements that affect implant functionality.

As it was mentioned before, most orthopaedic implants are metallic. Despite there
being a wide variety of alloys available in the industry, the list of suitable materials for hip
implants is rather reduced. Among the most commonly used alloys in hip implants are
stainless steels, Cr-Co alloys and, titanium alloys [6], [12], [13]. Table 1.2 shows the main
features exhibited by these materials.
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e Stress-shielding
phenomenon.

e Implant failure, loosening.
o [mplant replacement.

+ Body reaction and adverse
effects.
+ Fibrous tissue bewteen ’
bone and imlant. e * Implant mechanical failure.
+ Incomplete ioad * Implant replacement.
integration/fixation. bearing
+ Implant loosening material

* Wear debris release. ® Osteolysis.

¢ Inflamatory response. e Implant [cosening.

& Releasing of metal ions e Allergic reactions.
with possible toxic effect.

Figure 1.1. Requirement of ideal load-bearing material and problems associated with the lack of
them. Adapted from [9].

Table 1.2. Features of the leading materials employed in hip implants compared to the
bone. Adapted from [12], [14] .

Density Tensile Yield Elastic
Material (g/cm?) strength strength modulus Biocompatibility
(MPa) (MPa) (GPa)
Cortical bone 70-150 30-70 10-30 -
Lype 316 7.9 490-1350 190690  200-210  Poor
Stainless Steel
Co-Cr alloys 7.8 655-1793 310-1586 210-253  Moderate

Ti-based alloys 4.4-4.5 690-1100 585-1060 55-110  Good

Among these options, titanium presents superior corrosion resistance in contact with
human fluids, and Ti and its alloys exhibit more suitable structural properties since they
have half Young's modulus than Cr-Co alloys and stainless steel 316L. Table 1.3 shows some

properties of different Ti alloys commercially used for orthopaedic implants.

Ti6Al4V and Ti6Al7NDb are the most used alloys in the hip prosthesis; however, their
elastic modulus is still higher (~ 100-115 GPa) compared to the cortical bone (10-30 GPa), so
they are not the most suitable alloys for this application, since do not prevent the stress-
shielding phenomenon. Besides, it is known that elements like aluminium or vanadium
could be toxic for the human body as they have been linked to diseases such as Alzheimer;
therefore, their use as alloying elements should be avoided to prevent adverse systemic
effects.
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Table 1.3. Properties of common Ti alloys (in annealed condition) used as implant material.
Adapted from [15]

Elastic Yield Tensile lilf:;:liltli o
Material Microstruture modulus strength strength cy,c les

(GPa) (MPa) (MPa) (MPa)
Cortical bone 10-30 - 90-140 -
CP-Ti (Grade 4) a 105 480 550 350
Ti-6Al-4V a+f 110 680 780 400
Ti-6Al-7Nb a+p 105 800 900 500
Ti-5A1-2.5Fe a+p 110 780 860 725
Ti-13Nb-13Zr a+p 79 900 1030 500
Ti-11.5Mo-6Zr-4.55n § 79 620 690 525
Ti-15Mo-5Zr-3Al § 80 900 930 540
Ti-35Nb-5Ta-7Zr 8 55 530 590 265

Research on the development of novel Ti-based alloys designed for biomedical
applications is focused on obtaining a material that combines mechanical properties and low
elastic modulus, using biocompatible and non-toxic alloying elements. In the bibliography,
two main strategies can be found in order to achieve this [16]-[21]. The first strategy is the
development of porous materials, since elastic modulus decreases as increasing the porosity
amount. However, given that strength also decreases with porosity fractions, this must be
carefully controlled in order to guarantee an adequate mechanical performance of the
material. On the other hand, porous structure enhances the stress distribution along the
implant and provides channels suitable for the growth of bone tissue, promoting the

osseointegration process [17], [18].

A second possibility is the development of 3-Ti alloys, which are considered
promising materials for hip implants since they exhibit lower Young's modulus than
biphasic (« + [3), as shown in Table 1.3. Several studies have reported on the development of
biocompatible and low modulus B-phase Ti alloys, using different stabilisers such as Nb,
Mo, Zr and Ta. Among these, Nb is considered the most biocompatible 3-stabilising element
[22]. Overall, the higher the [-stabiliser elements amount, the lower the elastic modulus

values are achieved due to increased -phase stability.
1.2. General aspects of Titanium and Titanium alloys.

Titanium and its alloys have been widely employed for high-performance
components due to their unique combination of low density, high strength to weight ratio,
excellent mechanical properties, improved corrosion resistance and good biocompatibility.
All these make them suitable for several industries such as automotive, aviation, sports
equipment, biomedical. Aerospace and biomedical are currently the most important sectors
for applications of titanium products. In the biomedical sector, Ti and its alloys have been
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used in numerous medical devices such as heart valves, cardiac stents, bone plates, screws,

dental and orthopaedic (hip and knee) implants. [2], [23]

Titanium (Ti) is the fourth most abundant structural metal on the Earth crust, after
aluminium (Al), iron (Fe) and magnesium (Mg) [24]. Like many metals, Ti is not found in its
pure metallic state; it is obtained from ilmenite (FeTiOs) and rutile (TiOz) mineral sources.
Titanium was discovered in 1791, but it was not until 1940 that it was commercially attractive
when Wilhelm Justin Kroll, who is recognised as the father of the titanium industry,
developed a novel method to isolate Ti. This method, known as the "Kroll process", is still
the most used method for titanium production. This method allowed an increase in the

amount of Ti obtained, which made its commercial or industrial use viable.

Kroll process is based on reducing titanium tetrachloride with molten magnesium in
an inert argon gas atmosphere. The reduction product is vacuum distilled to removed
impurities, and then it is cut and crushed, to finally obtain "titanium sponge", which is used
as raw material to produce different kinds of Ti powders and Ti components by vacuum arc

remelting or electron beam cold hearth melting [25].

Like other metals, the large variety of structural properties of Ti is influenced by the
arrangement of the atoms in the crystal structure. Ti presents two different crystal structures.
At low temperature, Ti exhibits a hexagonal close-packed (HCP) structure, known as a-Ti
phase, whereas, at temperatures higher than the allotropic transformation (882 °C), it
changes to body-centred cubic (BCC) structure called 3-Ti phase, which is kept up until the
melting point at 1678 °C. The point at which the a—>[3 transformation occurs is known as beta
transus temperature. [24], [26], [27]

According to their room temperature microstructure, Ti alloys can be classified as «,
near o, a+3, 3. The a-Ti and near « alloys present higher creep resistance compared to 3-Ti
alloys, so they are suitable for high-temperature applications. Due to the high stability of the
a phase, they cannot be heat treated to improve their mechanical properties. The a+f alloys
contain between 10-50 vol.% of (3 phase [28]. They are recognised to exhibit a good balance
of strength, ductility, fatigue resistance and fracture properties. Moreover, a+f3 alloys can be
strengthened by heat treatment. Ti-6Al-4V is the most popular a+f alloys, especially in the
aerospace industry. Finally, 8-Ti alloys are heat treatable to achieved high strength, usually
by solution treatment, quenching and ageing. (-Ti alloys combine good mechanical
properties, high corrosion resistance, similar and even higher than some (a+{)-Ti alloys.
Besides, they could exhibit lower elastic modulus than other Ti alloys, which makes them
suitable for biomedical application. [24], [28], [29]

Ti exhibits an incomplete shell in its electronic structure; hence, it tends to form solid-
solution with most substitutional elements with a size factor within + 20%, which has a

strengthening effect that improves its mechanical properties [30]. Microstructure and

Introduction | 13



allotropic transformation temperature are altered by adding alloying elements. According
to their effect on the beta transus temperature, alloying elements are divided into three main
groups: a-stabilisers, B-stabilisers and neutral. Figure 1.2. displays the influence of the

different alloying elements on the Ti phase diagram.

B
3
o
o\ o+ *
Ti Ti Ti
(AL, O, N, O) (V, Mo, Nb, Ta) (Fe, Mn, Cr, Ni, Cu, H) (Sn, Zr)
a-stabiliser p-isomorphous p-eutectoid Neutral

B-stabiliser

Figure 1.2. Schematic representation of the effect of alloying elements on Ti phase diagram.
Adapted from [24], [31].

The a-stabiliser elements increase the beta transus temperature, displacing the
phase-field toward higher temperature as increases the solute content. Among a-stabiliser
elements, aluminium is the most employed alloying element in Ti alloys. Interstitial elements
such as O, C and N are also included within a-stabiliser elements, as long as their content is

controlled to achieve improved mechanical properties. [32]

Most of the [3-stabilisers elements are transition metals that present partial solubility
in the a-Ti phase and reduce the beta transus temperature, allowing to obtain a 3 or biphasic
a+B microstructure at room temperature. [-stabilisers elements are divided into (-
isomorphous and B-eutectoid elements according to their effect on the phase diagram. 3-
isomorphous elements usually present complete mutual solubility with (3-Ti, among this
kind of alloying element are V, Mo, Nb and Ta. In contrast, B-eutectoid elements present
limited solubility in 3 phase, and they may form intermetallic compounds through the
eutectoid decomposition of the 3 phase. Some (3-eutectoid elements are Fe, Mn, Cr, Ni, Cu
and H. [33]

Neutral alloying elements, such as Sn or Zr, do not significantly affect the beta
transus temperature. Nevertheless, they are used because they increase the ultimate strength
of Ti alloys, with Sn more effective than Zr for lower additions. [34]
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1.3. Processing of titanium alloys.

Ti-based components have been typically manufactured by ingot melting techniques
that consist of a multi-step process of vacuum arc melting, thermo-mechanical processing,
such as forging or hot rolling, scale removal, vacuum annealing, machining, and surface
treatment. All these fabrication stages make the final product expensive, especially the
machining stage that may involve about half of the total processing cost [35]. The weight
ratio of raw material employed to produce the final component, known as the buy-to-fly
ratio, is too high. It has been reported that some aircraft Ti components have a buy-to-fly
ratio between 12:1 or 20:1 for components fabricated from plate or sheet, which supposes a
significant amount of scrap material for each produced component. [36] Overall, Ti is an
expensive material, about 4-5 times more expensive than stainless steel [25]. The high cost of
Ti is because careful and controlled processing must be carried out to prevent contamination

by interstitial elements due to the high reactivity of Ti.

In 1980 at The Minerals, Metals and Materials Society (TMS) Conference, the powder
metallurgy (PM) approach was proposed as an attractive alternative to produce Ti
components reducing the production cost and the manufacturing steps [37]. PM consists of
three main stages: (1) powder production, (2) powder compaction to obtain near-net shape
green components and (3) sintering, to provide final dimensions, microstructural
development and mechanical properties. PM processing provides near-net-shape parts,
minimising the machining steps and increasing the material yield [25], [38]. Figure 1.3
reflects the reduction of processing stages offered by powder metallurgy techniques

compared to conventional ingot metallurgy processing.

PM is a versatile technique that allows the production of components from refractory
metals such as molybdenum (Mo), tungsten (W), or niobium (Nb), which are difficult to
process by wrought ingot metallurgy due to their high melting point, above 2000 °C.
Moreover, PM is a useful alternative over the wrought ingot metallurgy for processing
components from elements with very different melting points that exhibit limited solubility
in the liquid state and different density among them [4]. Hence, PM provides high flexibility
in alloying design, overcoming limitations in casting, and achieving good homogenisation

of the alloying elements.

Even though the PM approach reduces the processing steps, resulting in a processing
cost reduction, the cost of Ti powder as raw material is still high. The cost of the powder
represents a significant fraction of the total processing cost in PM components. Hence,
reducing the powder cost could reduce the cost of Ti components [35], [39].

The performance of PM Ti components is highly influenced by the characteristics of
the starting powder, such as particle size and morphology, and interstitial elements O, N,
and C content [25], [40]-[43]. The choice of Ti powders is a key aspect to take into account in
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PM components processing. Hence, in recent years, there have been great advances in Ti
powders production in order to satisfy the requirements for specific applications or
manufacturing methods. For instance, overall, fine powders with an irregular shape achieve
higher densification than coarse powders, since they possess a higher specific surface, and
therefore, they have a higher surface activity, which constitutes the driving force in the
sintering process. Therefore, sinterability is improved, and lower sintering temperature
might be required to obtain full-density samples [44]. Due to the higher specific surface, fine
and irregular powders have a higher risk of contamination, so this kind of powders might
contain a higher fraction of impurities, that must be controlled to prevent embrittlement of
the alloy. In contrast, spherical powders, such as pre-alloyed powders, are not suitable for
cold compaction because their particle surface becomes hardened, making it challenging to

reach high green density values.

Powder
Metallurgy

Alloying
element

Alloying element
powder

| PRODUCT .

(Optional)

PRODUCT ;

Figure 1.3. Processing stages involved ingot metallurgy and powder metallurgy techniques.
Adapted from [25].

There are several processes to obtain commercial Ti powders from Ti sponge. Among
them, the HDH (hydride-dehydride) technique uses by-products of Ti sponge which are
submitted to hydrogenation, ground until they achieve the suitable particle size, and then
powder dehydrogenation is carried out [25]. Ti HDH powders have an irregular shape, the
oxygen content is low, and they are suitable for pressing and sintering. Ti powders can also
be obtained by several atomisation techniques like gas atomisation, plasma atomisation and
plasma rotating electrode process. Atomisation techniques allow to obtain pre-alloyed
powders and lead to spherical powder morphology [8]. Atomised powders are widely used
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in components produced by additive manufacturing and metal injection moulding, where
good flowability is required. [45], [46]

In general, regardless of the processing method, the cleaner the powder, the higher
the cost [47]. Therefore, finding a cheap powder with the appropriate features, in terms of
morphology, purity, and particle size, suitable to be processed by the different PM

techniques is one of the main challenges of the PM Ti industry.

On the other hand, processing titanium powders to give final components by the
conventional pressing and sintering route requires sintering temperatures around 1200-1400
°C employing long dwell times (2 to 5 h typically), which suppose high energy consumption.
[39]

Hence, there is room to reduce processing costs through alternative routes or using
alternative starting powders and alloying elements that help improve the sintering
parameters while maintaining the final properties in terms of density and microstructure
[25], [39], [47]. Producing low-cost Ti alloys will allow expanding the application sector of
the Ti components, not only in the biomedical sector but also in more competitive sectors,
such as automotive, where their use is limited due to the significant cost difference between

Ti and steel components.
1.3.1. Processing of Ti alloys from TiH: powder.

Since 2000, titanium hydride (TiHz2) has become an attractive alternative to reducing
the raw material cost for Ti alloys. This has lead to adjusting the processing parameters of Ti

components toward lower sintering temperature, and hence, lower energy consumption.

The main advantages of using TiHz, compared to Ti powders, are: (1) TiH: as raw
material is cheaper because it is an intermediate product in HDH-Ti powder production. (2)
It achieves higher densification compared to Ti sintered under the same conditions [48], [49].
(3) The brittle behaviour of TiH: helps to fragment particles during pressing, improving the
compressibility of the powder [42], [49]-[51]. (4) The lattice defects generated by
decomposition reactions of TiHz activate the diffusion process, which leads to pore healing
and accelerates the chemical homogenization of the final product [50]. (5) Hydrogen released
during the transformation to Ti, through the reaction TiH, — Ti + H,, provides a protective

atmosphere for the Ti surface that reduces the contamination amount [51]-[53].

TiH: uses dates back to 1970 when Greenspan et al. produced titanium alloys and
metal matrix composites by hot pressing using TiH: as starting powder; this process was
called decomposition powder metallurgy [54]. Next, in 1974, Obara et al. patented the first
press and sinter process, both in a vacuum and inert gas atmosphere, to produce Ti alloys
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from TiH: powder [54]. Since then, several works focused on the sintering of titanium

hydride components.

All TiHz applications depend on the dehydrogenation process: how hydrogen is
released when it is subjected to a heat treatment. The TiH2 decomposition process has been
widely researched through simultaneous thermal analysis under different atmospheres
combined with structural analysis and in-situ methods [55]-[61]. Zeppelin et al. [62] found
that the dehydrogenation process is dependent on the heating atmosphere.
Dehydrogenation occurs at lower temperature when the sample is heated under vacuum,
while it is delayed under helium and air atmosphere. The maximum hydrogen desorption
was found at 516 °C, 620 °C, and 655 °C when the sample was heated under vacuum, helium,

and air heating, respectively.

Concerning the different dehydrogenation reactions, some authors propose that
dehydrogenation occurs in four stages [55], [59], [63], [64]. In where 6-TiH: is transformed to
TiHis (stage I); then, in B-Ti hydrogen-rich phase (3n, stage II); followed in a-Ti hydrogen-
rich phase (an, stage I1I) and finally, after complete hydrogen removal, it is transformed into
a-Ti. A representative model of the dehydrogenation process proposed by Liu et al. is shown

in Figure 1.4.

Heating progress

Initial Stage I Stage I1 Stage I1I Stage IV

TiH, Bu ay <
TiO,

1

Maintain &-TiH, * Subtle reaction.
structure — FCC * Overlap with stage II.
(H tetrahedral * Biphasic region.

interstitial sites)

v v

* Main reaction. * Final transformation.
« FCC— BCC{H-rich). * Limited by TiO; layer

Figure 1.4. Schematic representation of non-isothermal dehydrogenation of TiHz. Adapted from
[59].

On the other hand, some authors disagree with this dehydrogenation sequence [61],
[65]-[67]. Their approach supports that d-TiH: is transformed to TiHis, and then au is
formed. Next, anand Pr coexist until hydrogen is completely released and a-Ti is obtained.
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Although there are discrepancies about the sequence of the phases formed during
TiH2 decomposition process, researchers agree that this process is strongly dependent on
samples' features, like the purity of the powder, particle size, and surface contamination,
which can act as a barrier for the release of hydrogen. Besides, the heating rate is an
important aspect to be taken into account in order to promote decomposition. Generally,
dehydrogenation occurs between 400-800 °C [50]. Nevertheless, it has been reported that the
temperature decomposition range can be reduced using a low heating rate. [57], [59], [64],
[68]

Many studies have been conducted on the thermal behaviour of TiH: since its
decomposition temperature is an essential aspect to consider in order to take advantage of
its properties. TiH2 decomposition has been widely studied to produce aluminium foam,
since both pore morphology and porosity depend on the dehydrogenation process. In this
process, delay of the beginning of dehydrogenation is required in order to avoid early
hydrogen release [56], [69]-[71]. Moreover, TiH: has been evaluated to be employed as a

foaming agent in TiNi scaffolds processing for biomedical applications [70].

Sintering of Ti alloys employing TiH2 powders has also been extensively studied [57],
[68], [72]-[74]. These studies propose TiH: as an attractive alternative to produce Ti-based
components. They point out that components processed from TiH: require lower
consolidation temperature and even may outperform the properties compared to Ti

components.

However, there are few studies about the effect of alloying elements on TiH:
decomposition. It is considered that understanding the interactions among hydrogen and
alloying elements during and after the dehydrogenation process could become a powerful

tool in achieving microstructure control of Ti alloys, especially in 3-Ti alloys.
1.3.2. Addition of iron (Fe).

The alloys features depend on the alloying elements. Each alloying element provides
certain properties to the alloy. For instance, aluminium increases mechanical properties, Nb
improves corrosion resistance and decreases elastic modulus, Zr inhibits grain growth. To
develop an economically viable alloy, the cost of the raw materials to be used must be
considered. Figure 1.5 displays the prices of some metals frequently used as alloying
elements in Ti alloys. It can be seen that the price of Mo and Ta as alloying elements is even

higher than that of titanium, while that of Nb and V is comparable.

Ti-Nb alloys, developed for biomedical applications, require at least 27.5 Nb wt.% to
begin retaining the 3-Ti phase [21]. As Nb is an expensive metal, large amounts of Nb
additions increase the alloy cost [76]. One way to reduce the processing cost of Ti alloys is
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employing low-cost alloying elements, provided that these allow achieving materials with

good properties.
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Figure 1.5. Price of common alloying elements employed for processing Ti alloys. [75]

In this regard, Fe is a suitable alternative since it is an abundant and low-cost
material. Also, Fe is a strong [3-stabiliser element that diffuses fast into (3-Ti, which favours
its quick dissolution during sintering. Small Fe addition increases the 3-Ti stability; hence, it
will lead to a reduction in the Nb content required to stabilise the 3 phase. Therefore,

substituting Nb with Fe can contribute to the cost reduction of the alloy.

In addition to reducing the alloy cost, Fe addition has several advantages for Ti alloys
processing. Fe provides a strong solid-solution strengthening effect on Ti alloys.
Furthermore, several authors have indicated that densification rises with small Fe additions
(2.5-5 wt.% Fe) [77], [78]. Wei et al. [78] found that the mean shrinkage of Ti-5 Fe wt.% is
three times that exhibited for pure Ti, and that the most shrinkage occurs during heating
instead of during holding time (at the sintering temperature), as it usually happens in pure
Ti.

Densification of Ti-Fe alloys is influenced by heating rate and Fe particle size. Overall,
it is considered that a slower heating rate and finer Fe powders favour diffusion and sample
densification. In contrast, coarser Fe powders may promote Kirkendall porosity, causing

worse densification and large porosity, presenting pores as large as powder size. [78], [79]

In addition, Fe enhances the sinterability of Ti alloys since it accelerates the mobility
of Ti atoms by the rapid Fe diffusion. Furthermore, Fe increases the Ti auto-diffusion
coefficient [78], which could enhance the diffusion process of slower diffusing alloying
elements like Nb or Mo, promoting a homogeneous microstructure.

According to Ti-Fe phase diagram, the intermetallic TiFe can be formed around 1085
°C [80]. Even though it has been reported that Fe exhibits a slow intermetallic formation, the

20 | Chapter 1



amount of Fe must be controlled in order to avoid the formation of TiFe, since it may have
detrimental effects on mechanical properties, such as ductility loss [75], [80], [81]. TiFe
formation could also be influenced by Fe particle size. O'Flynn et al. [77] reported for Ti-2.5
wt.% Fe alloy that as the size of Fe powder becomes smaller, the exothermic peak associated
with TiFe formation disappears. This fact is because the smaller Fe particle size dissolves

faster into Ti lattice, and then, once Fe is dissolved, the eutectic reaction is avoided.
1.4. Strategies to improve Ti properties.

Ti and its alloys are suitable materials for orthopaedic implants due to their good
bulk properties like good corrosion resistance, high biocompatibility, good mechanical
properties, low density and high fatigue resistance. The bulk properties of Ti are crucial for
implant material choice. Nevertheless, Ti alloys present some intrinsic drawbacks that may
affect their performance. Ti alloys present relative low hardness values, which make them
susceptible to low wear resistance. Poor wear resistance impairs the functionality of the
implant, causing premature failure. Therefore, it is mandatory to develop a material that
provides improved mechanical properties, especially hardness, since harder materials are

considered to exhibit higher wear resistance.

On the other hand, the contact surface features between the implant and bone are
determinants to induce osseointegration. Therefore, the implant surface properties must be
similar to the tissue where it is implanted to avoid possible rejection or adverse responses.
Several authors agree that implant surface should exhibit certain roughness and higher
wettability, and a hydrophilic surface, in order to facilitate cell adhesion and proliferation.
Also, it is suggested that porous surface are favourable to promote inward bone growth,

resulting in a better fixation between the implant and surrounding tissue. [21], [82]

Many modification treatments have been extensively studied in order to improve the
Ti alloys qualities and provide them with similar features to the bone/host tissue. There are
modifications treatments for Ti alloys, affecting the whole material, so changing the bulk
properties. These kinds of treatments are focused on improving mechanical properties
changing the microstructure. On the other hand, the development of titanium matrix
composites (TMC) materials is an alternative strategy employed to achieve improved

mechanical properties.

A wide variety of surface modification treatments have been developed to adapt
implant surface. These treatments alter just the surface region, maintaining the internal
properties of the alloy. Surface modification treatments have been widely studied to improve
the biocompatibility and bioactivity of implant materials, employing bioactive compounds
that promote the osseointegration process. Nevertheless, some of these treatments are also

performed looking to enhance wear and corrosion resistance.
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According to the surface interaction, they can be classified as mechanical, chemical
or physical. Figure 1.6 shows different treatments usually employed to improve bulk
properties and surface features on Ti alloys.

Heat treatment

Modify the microstructure to achieve improved

mechanical behaviour.
Thermomechanical
processing
Titan it matrivcomposite Introducing hard ceramic reinforcing phase to improve
P wear. TiB,, TiC and TiN highlight as suitable reinforcement.

(7]

'

b Produce specific surface topographies; clean and rough
8_ Mechanical surface.

e Improve adhesion in bonding.
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E - Improve biocompatibility, bioactivity or bone conductivity.
Qo

.‘gv Improve wear and corrosion resistance and blood

S Chemical compatibility by deposition of TiN, TiC and TiCN thin film.
g S A Improve wear and corrosion resistance and blood
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or bone conductivity.

Improve wear and corrosion resistance and blood
compatibility by deposition of TiN, TiC and TiCN thin film

Modify surface composition.
Improve wear and corrosion resistance and
biocompatibility.

Figure 1.6. Modification methods employed for improving mechanical and surface properties of
Ti and its alloys. Adapted from [83].

Improve wear and corrosion resistance and biological
properties by Al,0,, ZrO,, TiO,, hydroxyapatite coatings.

1.4.1. Improvement of Bulk properties.

It is well known that the bulk properties of Ti alloys, such as elastic modulus,
strength, fatigue resistance and hardness, and consequently wear resistance, are highly
dependent on microstructural features. The phases present on the microstructure may
promote or affect a specific property. For instance, it has been reported that hardness and
elastic modulus values increase from < a” < a’ <a < w-Ti phase [84]. Therefore, by varying
the fraction of these Ti phases in the material, mechanical properties can be modified. The
grain size also affects the mechanical behaviour. Overall, it is considered that fine

microstructures are favourable for mechanical properties compared to coarse ones. [39].
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There are different ways to modify the microstructure. Before consolidation, it can be
achieved by adjusting the chemical composition using suitable alloying elements to promote
the desired microstructure [39], [85]. After the material consolidation, the microstructure
may be altered by performing heat treatments and/or thermomechanical processing. The
latter combines plastic deformation process and solution heat treatment. Plastic deformation
produces high dislocation amount, reducing the driving force for further recrystallisation
and nucleation sites of a precipitates that provide enhanced strength. Meanwhile, heat
treatment alleviates the internal stress generated during plastic deformation and produce
microstructural changes as well. For Ti PM components, it can also be used to eliminate

residual porosity.[25]

It should be considered that these kinds of treatment may promote surface
contamination leading to the formation of a hard and brittle O/N-rich a phase, which is
denominated as alpha case. Hence, the sample surface must be cleaned after treatment to

remove the alpha case either by mechanical or chemical methods. [86]

Depending on microconstituents distribution, Ti alloys may exhibit different types of
microstructures like lamellar, bimodal, Widmanstaitten, equiaxed, basket-weave, martensite,
acicular and bilamellar. Each of these determines material behaviour [87]. Heat treatments
comprise changing the starting microstructure obtained during consolidation into an
enhanced microstructure that provides better performance [88]. The desired microstructure
is obtained by controlled phase transformations that take place during heat treatment. Heat
treatments allow to obtain enhanced ductility, strength, impact resistance, creep resistance,

fracture toughness and fatigue resistance [89]-[91].

Beta transus temperature is an essential aspect for the design of heat treatment since
it highly influences the phase transformations. Beta transus is a reference point to define the
heat treatment conditions (heat treatment temperature, time and heating/cooling rate) more

suitable for the alloy to be treated.

The heat treatment response depends on the alloy type. a and near-a Ti alloys cannot
be hardened by heat treatments because of the high thermal stability of HCP Ti. In contrast,
a+B and { alloys have a better response to heat treatments due to they could experiment
martensitic transformations during cooling, whereas a-Ti alloys not, as evidence in Figure
1.7. Thus, a+f3 and 3 alloys can present a large variety of phase compositions, and similarly,
a wide range of properties through appropriate conditions choice. 3-Ti alloys can be heat
treated at lower temperatures compared to a+f alloys because they exhibit lower beta
transus temperature. Thus, the phase transformations in (3-Ti are also produced at lower

temperatures.
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Figure 1.7. Pseudo-binary phase diagram indicating the martensitic transformation line
according to the [3-stabiliser element concentration. Adapted from [92]

Stress-relieving, annealing (including mill annealing, duplex annealing,
recrystallization annealing or 3-annealing), solution treatment and ageing are the main heat
treatments performed in Ti alloys. Given the relevance of (3-Ti alloys in developing implant
materials that replace the high-modulus (a+)-Ti alloys, the most used heat treatments in 3-

Ti alloys will be described in this section. These are solution treatment and ageing. [86], [87]

Solution treatments (ST) are performed slightly above (super transus) or below (sub
transus) the beta transus temperature. Sample is maintained at the selected temperature,
seeking to homogenise the alloying elements into 3 phase. Super transus ST of 3 alloys
attempts to retain 100% B-phase with equiaxed grains after quenching. In this case, the
holding time of ST (above beta transus temperature) must be carefully controlled, avoiding
long dwell time, because of the fast grain growth in the {3 field that may decrease the

mechanical properties [86], [91].

In contrast, sub transus ST (conducted from a+{ field) promote the formation of
primary elongated or globular a phase into (3 grains to inhibit the excessive growth of 3
grains [93], [94]. The ST temperature highly influences the morphology of the primary «
phase. As temperature become closer to beta transus, the primary a phase precipitates
exhibit a globular morphology, whereas when it is much lower, elongated precipitates are
obtained [94].

Some authors report better strength-ductility balance for sub transus ST than super
transus ST [33], [89], [93]. Ti-6Cr-5Mo-5V-4Al alloy solution treated from o+ field (760 °C, -
30 °C below beta transus temperature) exhibits similar ductility to alloy solution treated from
B field (800 °C, +10 °C upon beta transus temperature), achieving about 22% elongation and
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57-60% area reduction. Sample treated below beta transus temperature achieves 973 MPa of
strength, which is 100 MPa higher than alloy treated from {3 field [93]. The improved strength
is due to a precipitates, formed during sub transus ST, which hinder the dislocation
movement, avoid the  grain recrystallisation and have a grain refinement effect that

strengthens the alloy. [93]

Once the sample is homogenised, it is subjected to rapid cooling to “freeze” the
modified microstructure. Quenching may produce a martensitic microstructure. This is
related to fast cooling rate that limits the rearrangement of the atoms, distorting the lattice
during the reverse transformation from -Ti(BCC) to a-Ti(HCP). There are two martensite
phases in Ti alloys: the hexagonal martensite, a” and, the orthorhombic martensite, a”’, both
are a supersaturated substitutional solid solution of elements in a-Ti, which is formed in
zones where 3 phase become depleted in B-stabiliser elements [95]. &’ is usually formed in
B-Ti containing Nb, Mo, Ta, Mo, V, W and Re. Nevertheless, martensitic transformation
(from B — a’/a’”’) could be suppressed increasing the amount of (3-stabiliser elements, since
these elements exhibit slow diffusion and reduced diffusion rate, which increase the stability
of B-phase and limit the element mobility [91], [96]-[98]. Bonish et al. [98] and Wang et al.
[99] stated that martensitic transformation is hindered for Nb content higher than 25 at.% (40
wt.%). Ehtemam et al. [97] reported that the amount of a”” into Ti-7Fe alloy is reduced as the
Nb content increases from 1 to 9 wt.%, and with 11 Nb wt.% no martensitic phases are

observed.

Martensitic phases increase the strength, but at the same time, they reduce the alloy's
ductility. Hence, martensitic phases are not desirable for some applications. Nevertheless,
martensitic phases can act as intermediate phases in subsequent heat treatments, in which
they decompose to obtain lamellar a+{3 microstructure, improving mechanical behaviour.
[100]

Ageing treatments (AT) are usually performed from solution treated condition for
most Ti alloys. However, in the case of 3-Ti alloys, ageing may be carried out without
previous solution treatment. This is known as direct ageing. AT increases the strength and

hardness of the alloy, but it reduces the ductility of the alloy by refinement of a precipitates.

During ageing, B-phase is decomposed to form a phase precipitates that improve
mechanical properties by precipitation strengthening effect. Overall, fine a precipitates are
distributed within the -grains. In contrast, when ageing is preceded by solution treatment,
primary and secondary a phase precipitates are formed, hence, the microstructure exhibit
bimodal o« morphologies associated with enhanced mechanical properties. [33], [86]

Ageing may be conducted at high or low temperature. It is considered high-
temperature ageing when the sample is heated up between 85 and 195 °C below the beta
transus temperature, which means about 450-650 °C [33]. Meanwhile, low-temperature
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ageing is usually conducted between 200-450 °C. High-temperature ageing reduces the
hardening effect, but the treatment time is shortened. On the contrary, low-temperature

ageing requires prolonged dwell time in order to complete the phase transformations [101].

Titanium matrix composites (TMC), where hard ceramic reinforcing phases into the
Ti matrix are incorporated, are an alternative to improved wear properties since they exhibit

increased hardness compared to unreinforced alloy.

According to the reinforcement, there are two types of TMC: the composed of
continuous reinforcements, such as fibres or wires, and those containing discontinuous
reinforcements like particulate compounds [102]-[104]. Processing TMC with continuous
reinforcements is an expensive and complex process due to the difficulty to align the fibre
and to obtain a homogeneous distribution within the metal matrix [105]. Continuous TMC
component may exhibit twice the strength and stiffness of Ti alloys; however, their
properties are anisotropic, depending on the fibre direction. They are structurally efficient

in the longitudinal direction but present reduced transversal properties. [106]

The main advantage of particulate reinforced TMC is that they can be manufactured
using less expensive methods, such as powder metallurgy [107]. Indeed, PM processing is
considered one of the most cost-effective manufacturing methods for discontinuous TMC
components. Furthermore, discontinuous TMC exhibit isotropic properties, which only
depend on the reinforcement’s homogeneity in the matrix. Therefore, the mixing of powders
and particle dispersion must be carefully controlled to achieve suitable properties.
Moreover, the reinforcement properties are also important to enhance the properties of Ti
components. An optimal reinforcement should have high specific strength and hardness;
thermodynamic stability at the consolidation temperature; similar thermal expansion
coefficient with the Ti matrix; and strong interfacial bonding between the Ti matrix and
reinforcement to avoid the detachment of hard particles that could affect the wear resistance,
worsening the wear damage [108], [109]. Last but not least, reinforcements of TMC for

biomedical applications must be biocompatible. [110]

Table 1.4 lists the physical and mechanical properties exhibited by the most used

reinforcements in TMC processing compared to Ti properties.

As the reinforcement amount increases, the wear behaviour of TMC is enhanced
[103], [111]. Choi et al. [112] found that wear volume loss is reduced a 32%, 35% and 64% for
Ti-(TiB+TiC) with 5, 10, and 20 vol.% of (TiB+TiC) compared to pure Ti. Moreover, it was
reported that the coefficient of friction of Ti6Al4V reinforced with TiN particles decreases as

the TiN amount increases. [110]
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Table 1.4. Properties of some reinforcements used in continuous reinforced TMC. [107], [108]

Elastic Vickers

Reinforcement De/nm:y M,eltn:g modulus Hardness CTE)_?;OET
(g/cm?®)  point (°C) (GPa) (GPa) (x )
Ti 4.57 1668 110 2.2 8.6
TiB 4.56 2200 425-480 17.7 7.15
TiB2 4.52 2980 529 21.6 6.2
TiC 4.92 3160 440 31.4 7.95
TiN 5.43 3220 390 22.5 9.35

CTE: Coefficient of thermal expansion. ~ RT: Room temperature.

Although a greater amount of reinforcement improves wear resistance, this could
bring unfavourable effect concerning elastic modulus. As shown in Table 1.4, ceramic
reinforcements have elastic modulus values much higher than Ti; hence, the elastic modulus
of TMC will also be higher [111]. Atri et al. [113] reported that the elastic modulus increases
from 110 to 160 and 210 MPa for Ti, Ti-30 TiB vol.% and Ti-54 TiB vol.%, respectively.
Therefore, the amount of reinforcement must be controlled, looking to achieve balanced
properties that lead to improving wear resistance without highly increasing Young's

modulus.

Alternatively, for orthopaedic and dental implants, TMC can be used as a coating or
develop a functionally graded material (FGM) in unreinforced 3-Ti alloys [114], [115]. In this
way, surface wear resistance will be improved, maintaining part of the internal properties of
the base alloy, such as low elastic modulus. Several works have reported improved wear
performance of TMC coatings [111], [115]-[119]. Cui et al. [115] investigated the wear
behaviour of Ti/TiN TMC coating on pure titanium and found that TMC coating shows
significant lower wear than Ti sample. This fact is attributed to the gradient microstructure
developed from the surface inwards, leading to a gradient in properties, with higher
hardness and wear resistance at the surface. Similar findings were reported by Das et al.
[111] for Ti6Al4V/TiB-TiN TMC coating on pure Ti substrate. They found good interfacial
bonding between coating and substrate and similar bioactivity compared to uncoated Ti. So,
TiB and TiN as reinforcements are suitable for biomedical applications, due to enhanced

wear properties, and no effect on the biocompatibility have been observed.
1.4.2. Surface modifications.

Both bulk and surface properties of implant materials play an essential role in
implant success. Bulk properties determine the cytotoxicity and appropriate mechanical
behaviour during the implant lifetime. On the other hand, surface properties gain especially
relevance after implantation. After implantation, the implant surface is exposed to an
aggressive environment, so it must be corrosion resistant; it is continuously in contact with

bone tissues; then, the implant surface must be suitable to provide good biological
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interaction and osseointegration process. Finally, the implant surface is subjected to wear

because it withstands cyclic loads; then, it must exhibit high wear resistance. [21]

Achieve a material with good bulk and surface properties is desired for orthopaedic
applications. However, to develop a Ti-based material that complies both requirements is
usually difficult, since the nature of Ti and its alloys impede obtaining suitable surface
properties [5], [120]. Ti-based components exhibit a bioinert behaviour that limits the
formation of strong bonding between the implant surface and the surrounding tissue.
Moreover, Ti and its alloys are characterised by exhibiting relatively low hardness values,
which brings them poor tribocorrosion resistance. Therefore, surface modification
techniques are employed to overcome these drawbacks associated with the Ti nature,
looking to develop more suitable implant materials that could mimic better with the

environment.

Many surface modification treatments are based on obtaining coatings focused on
improving the implants' wear and corrosion resistance or biocompatibility. Depending on
the nature of the coating, surface roughness, surface hardness, bone/implant interface and

osseointegration ability could be adapted to improve the material performance. [121]

Low wear resistance is one of the main drawbacks of Ti alloys for load-bearing
implants [122], [123]. Wear generates metal ions and wear debris that are related to cell tissue
damage and possible further implant loosening, reducing the lifetime of implants [10], [12],
[15]. The release of metal ions and wear debris during wear action have been related to cell
tissue damage and possible long term implant loosening [9], [30]. These issues can be
overcome by surface engineering techniques that have been developed to obtain materials
with improved tribological properties by surface hardening since harder materials exhibit

better wear performance [124]-[126].

Most of the surface modifications methods to increase wear resistance consist of
coating development by physical deposition techniques such as plasma spraying[127], ion
implantation [128], [129], physical vapour deposition [130], [131]. Moreover, thermochemical
treatments like boriding, oxidation, carburising and nitriding have also been broadly used

to improve the surface hardness of titanium alloys [132].

Titanium nitride (TiN) coatings are considered an attractive candidate to protect Ti
surface against wear, since they exhibit high hardness, and thus, increased wear resistance,
high corrosion resistance, good biocompatibility, haemocompatibility, chemical stability and
good interfacial bonding between the coating and substrates [126], [133]-[135]. TiN-coated
orthopaedic implants, indeed, are already commercially available. Corin Group employs
TiN coated knee and ankle implants which are obtained by plasma spraying technique. They
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state a reduction of 60% and 80% in the wear rate and metal ion release, respectively,

compared to CrCo alloys. [136].

Nitriding treatments have been successfully used for Ti protection against wear.
There are different kinds of nitriding methods, like ion-beam, laser, plasma and gas. All these
involve interactions between nitrogen and the metal surface to produce a hard external layer
composed of TiN and TizN phases that protects Ti substrate [137]-[140]. Moreover, due to
the high affinity of Ti with nitrogen, nitrogen is able to diffuse inward, having a
strengthening effect, by interstitial solid solution in a-Ti. As nitrogen reacts with the Ti
substrate, a diffusion zone is formed, producing a hardness gradient. Hardness values
decrease from the surface inward due to the decrease in nitrogen concentration. [115], [141],
[142]. It has been reported that nitrided Ti alloys hardness varies as follow: >1500 HVos at
the surface (nitride layer), between 700-900 HVos in the diffusion zone, while the core
exhibits about 150-400 HVos [141]. Zhecheva et al. [142] investigated the effect of gas
nitriding treatment in four commercial Ti alloys: two near-a alloys, Ti-8Al-1Mo-1V, Ti-6Al-
25n-4Zr-2Mo; one biphasic (a+f), Ti-6Al-4V, and one near-p, Ti-10V.2Fe-3Al. After gas
nitriding at 850 °C for 10 h, surface hardness values vary from 570-700 HKo.1;, while the cores
exhibit between 350-410 HKo.1. In all cases, the diffusion zone was at least 100 um.

The hardness increases depend on the diffusion kinetics of nitrogen; hence alloying
elements play an important role. Alloying elements can alter the diffusion front of nitrogen,
since the diffusivity and solubility of nitrogen in each element may vary. Moreover, usually
the highest nitride layer thickness, the greatest hardness improvement is achieved. It is
considered that both nitride layer thickness and diffusion region increase with increasing
nitriding temperature, which, usually, is found between 0.55 and 0.65 of the solidus
temperature. [141], [143], [144]

Although titanium is a biocompatible metal, it is bio-inert, which means biological
interactions with the tissue do not occur. The absence of bioactivity limits the growth of bone
tissue through the implant surface, and therefore the fixation of the implant. Moreover,
inflammatory response and early infection due to foreign body response are common issues
in hip implant surgery. Bio-functionalised Ti alloys are required to solve these drawbacks.
Cell adhesion, proliferation, and osseointegration are promoted by incorporating bioactive
elements found in natural bone, like calcium (Ca), phosphorous (P) and magnesium (Mg)
[145]. In contrast, infections could be prevented by adding antimicrobial agents as Ag, Zn
and Cu, which have been shown to inhibit the adhesion of bacteria on the material surface,
thus reducing the infection risk [145].

Along with biocompatibility, implant surface features, such as roughness, chemical

composition, wettability, and morphology, determine biomaterials' biological response and

Introduction | 29



viability. So, the study and optimisation of these factors is considered decisive for developing

and designing implant materials.

Surface modification techniques have been developed, focused on adapting the
implant surface features to mimic the surrounding bone tissue with the aim to provide a
better biological response [114]. These include ion implantation[128], [129], sol-gel method
[146], [147], thermal spraying [148], [149], chemical vapour deposition [150], [151], physical
vapour deposition [130], [131], and micro-arc oxidation (MAO) [152]-[155]. Among these
surface treatments, MAO has gained attention because of its versatility to produce

biocompatible coatings.

MAO is a low-cost electrochemical treatment that does not need expensive
equipment and offers the possibility to coat complex shapes. The coating obtained presents
excellent adhesion with the substrate. Bio-functionalised MAO surfaces improve
osseointegration and promote in vivo bone growth [145]. Furthermore, it is known that

corrosion and wear behaviour is also improved due to the formation of TiO2. [156]-[158]

MAO treatments combine electrochemical oxidation, plasma chemical reaction and
thermal diffusion in an electrolyte bath [159]. It consists of immersing the sample in an
electrolyte bath; then, an electric current passes through the sample. The sample acts as the
anode, while platinum or stainless steel is used as cathode. During MAO treatment, a TiO:
layer is formed by electrochemical oxidation. As the TiO: layer grows, localised spark
discharges are produced, which raise the temperature in these zones. This temperature
increase produces the melting of the TiOz, which facilitates the incorporation of bioactive
species into the coating during solidification. TiO2 can be formed as anatase, rutile or
amorphous titania, depending on the temperature and pressure during the MAO process.
[160]

MAQO treatments are typically performed using a voltage between 250-450 V during
short times, about 1-10 min [114], [145]. MAO treatment provides a multiscale volcano-like
porous and rough coating, maintaining the starting properties of the alloys. Porous coatings,
showing moderated roughness, favour the biological response, providing a more natural
environment for cell attachment and enhancing cell migration and proliferation [161]-[163].
The features of MAO coatings depend highly on operating conditions. Overall, it is
considered that pores size increases as applied voltage and time increase. Even though pore
diameter increases with time, the number of pores at the surface decreases [159]. MAO
treated Ti-13Zr-13Nb exhibit higher roughness an increased average pore diameter, varying
from 1.8 to 26.8 um as voltage increases from 200 to 400 V [164]. Moreover, it has been
reported that higher voltage (500 V) induce apatite formation; however, at very high voltage,
the apatite formed could cover the surface, destroying the porous structure, which may limit
the bone growth into the implant surface [165].
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MAQO is a versatile method since the chemical composition of coatings can be easily
modified by varying the electrolyte bath composition. It is possible to add both bioactive and
antibacterial agents into the electrolyte bath [163], [166]. In general, it is sought that MAO
coating achieves a Ca/P ratio close to hydroxyapatite (1.67) in order to stimulate the
osteogenic differentiation of cells and promote bone growth. Electrolytes containing calcium
acetate and [3-glycerophosphate, as Ca and P sources, are frequently found in the
bibliography [167]-[170]. On the other hand, it has been stated that electrolytes containing
nanoparticles (NPs) exhibit improved tribological behaviour, high corrosion resistance and
higher antibacterial effect. Roknian et al. [171] evaluated the effect of ZnO NPs on titanium
samples treated by MAO. They found that the corrosion resistance of samples containing 15
g/L of ZnO is 27 higher than that obtained without ZnO NPs. Furthermore, they report that
as the ZnO NPs concentration increases from 5 to 15 g/L, the bacteria colonies
(Staphylococcus aureus and Escherichia coli) decreases. Samples without ZnO NPs
presented a limited antibacterial effect, but higher than the uncoated sample. This fact
suggests that the rutile and anatase in the coating are beneficial, enhancing the antibacterial
effect. Several authors stated that the presence of anatase and rutile might enhance the
biological, electrochemical and tribological properties of Ti alloys [169]. Anatase contributes
to enhanced cell behaviour and promotes apatite formation in simulated body fluid [172],
whereas rutile provides a reduction of coefficient of friction, having a self-lubricant effect,

and improves wear resistance. [160], [169], [173]
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2.1. Motivation.

During the last decades, the research and development activities concerning hip
implants have gain interest worldwide. A probe of that is the large variety of materials and

design of implants available nowadays.

The need to further investigate this research field arises by the increase in the revision
surgeries rate, where the prosthesis must be replaced earlier than expected. Prosthesis
should ensure safety and effectiveness for at least 20 or 25 years. Nevertheless, in 2012, the
European Commission stated that about 80, 75 and 55% of the prosthesis survives

successfully, after 15, 20 and 25 years of the surgery, respectively. [1], [2]

It is considered that more than one million of total hip arthroplasty (THA) surgeries
are performed every year around the world. According to the Organisation for Economic
Co-operation and Development (OECD), the rate of primary THA surgeries increased by
25% between 2000 and 2009 [3]. The OECD also reported that this percentage is expected to
continue to rise over time. Revision surgeries rate is also increasing; it is expected the total
number of revision surgery will rise by 137% between 2005 and 2030 [4]. This rise is, in part,
due to the increase in people's life expectancy owing to improvement in medical care; as well
as, the decrease of patient age, generated by the increase in physical activity of people and
the practice of extreme sports, which can cause severe injuries. The younger the patient, the
higher the probability to be subjected to revision surgery for hip implant replacement,
considering the short lifespan of the hip implants.

In 2009, Spain recorded a THA incidence of 93 per 100.000 habitants per year, which
means close to 42.700 THA (including primary THA and revision surgery). Thus, taking into
account the earlier failure of the implant, around 20% of these prostheses should be replaced
after 15 years, which is a large number of new THA to perform. This fact is not desirable,
since it implies problems for the patient who must be subjected again to a painful recovery;
and also represents a high cost in healthcare, considering the estimated cost for a THA
surgery is USD 12.000. [2]

THA surgery improves the quality of life of the patient, relieving the pain and
allowing mobility almost immediately. However, this surgery only represents the beginning
of treatment since, over time, revision surgery is required to bring back the quality of life
and mobility to the patient. [2], [3].
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There are long-term issues associated with implant material that reduce the lifespan
of the hip prostheses. Many factors are involved in the long-term clinical success of THA
procedures. These are associated with the implant material, its design, the expertise of the
surgeon, surgical technique, the health status of the patient, patient age, obesity, bone
density and gender that influence the recovery process, the post-operative activities, etc. In

this work, aspects related to the implant material will be discussed.

Implant loosening, low fatigue strength, high wear level and lack of bioactivity are
the leading causes of failure in hip implants [1], [4]-[6]. Implant loosening is produced by
the stress-shielding phenomenon caused by the mechanical mismatch due to a significant
difference in elastic modulus between bone and implant. The bone exhibits elastic modulus
from 4 to 30 GPa [7], while, the currents Ti alloys employed in hip implants, such as Ti6Al4V
and Ti6Al7Nb, reach much higher values, about 100-120 GPa [8].

Stress-shielding involves a non-homogeneous stress transfer between the implant
and bone [9]. In a healthy femur, the load is carried out from the femur head to the cortical
bone. When the bone is subjected to stress, it is continuously remodelled by the osteoclasts
cells that dissolve the bone and osteoblasts cells, that allow the ossification forming new
bone. Hence, the load/stress transfer helps to maintain the cellular balance between the
osteoblasts and osteoclasts in response to the local load conditions. This difference on elastic
modulus produces a heterogeneous stress transfer where, the upper femur part carried out
a few loads, while the section closes to the stem tip is overloaded [10]. As the regular load
transfer has been altered, the cellular behaviour/activity changes and bone resorption may
occur in the surrounding region/area to the implant. Over time, implant losses gradually
fixation to the bone. When the bone resorption is too high, implant loosening is produced,

and the patient would require revision surgery to replace the damaged prosthesis. [1]

Another issue related to metallic prosthesis is the wear and its consequences. Wear
damage causes the release of metal ions and wear debris from the implant to the surrounding
tissue or bloodstream [5]. Wear debris size is a factor to take into account since, in the
nanometric range, it can have nanotoxicity effects. The smaller is the particle size of wear
debris, the higher the risk that these particles can be introduced into the cells, changing their
biological effect. For instance, wear debris can migrate to the phagosome of macrophages,

which activates the osteoclast cells promoting bone resorption [1], [11].

Excessive wear may produce adverse tissue reaction. It has been reported that high
concentration of alloying elements, frequently used in hip implant material, such as
aluminium (Al), vanadium (V), in Ti-6Al-4V alloy, are associated with adverse effects
concerning to cell viability; and long-term health issues, like neurotoxic effects and local
inflammation. Besides, Al delays bone mineralisation and has been associated with

Alzheimer's disease [12]-[14]. Hence, a suitable implant material must improve wear
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resistance in Ti alloys, incorporating biocompatible alloying elements, in such way that, if

these particles are released, they do not involve toxic effects.

The lack of bioactivity may promote implant failure in the early stage after surgery,
as well as, lead to the gradual loosening of the implant in the long term [15], [16]. Although
Ti is the most biocompatible metal, it cannot induce or promote bone formation itself, since
it cannot form a direct bond with the bone. This fact causes fixation issues that compromise
the THA success. Hence, implants must be subjected to surface treatments that modify the
topography, incorporating bioactive agents that enhance the osseointegration process

between the implant and surrounding bone/tissue. [15]

Therefore, the development of new Ti alloys that allow an increase in the lifetime of
hip prostheses, must be focused on achieving a material with an elastic modulus closer to
the bone values, with higher wear resistance, that incorporates non-toxic alloying elements

and promotes bioactivity and osseointegration.

2.2. Objectives.

This PhD work aims to develop a new (3-Ti alloy, suitable to be used as an implant
material. These materials would increase the prosthesis lifetime, preventing the appearance

of the main failures associated with implant replacement.

Additionally, a low-cost powder metallurgy processing route is proposed, that
employs titanium hydride (TiH:) as Ti source, and reduces the niobium (Nb) content by

adding a small iron (Fe) addition.
To achieve this goal, the work was divided into three sections:

The first section consists of reducing the elastic modulus by developing (3-Ti alloys,

using Nb and Fe as alloying elements. The partial objectives in this section are:

e To design of composition suitable to be processed by PM using/studying the Ti-
Nb and Ti-5Fe-Nb system.

e To study the phenomena associated with the dehydrogenation process and the
effect of alloying elements in this process

e To design an appropriate sintering cycle that ensures the complete
dehydrogenation and promotes the diffusion process achieving higher
densification of the substrates

e To perform the mechanical characterisation determining elastic modulus,
hardness and fatigue behaviour of the processed alloys.

e To evaluate the biological response of the substrate surface.
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The aspects concerning the design of composition and study of the dehydrogenation
process are discussed in Chapter 4, while aspects of the processing of the B-Ti alloys are
found in Chapter 5.

The second section is based on improving wear resistance by modification of
processed 3-Ti alloys. Alloys are modified employing two strategies: (a) incorporating
ceramic particles as reinforcement; and (b) performing nitriding treatment using gas and
plasma, to obtain a wear-resistant TiN layer on the surface. The partial objectives in this

section are:

e To optimise the consolidation parameters for composite samples, in terms of
kind and amount of ceramic reinforcement.
e To compare the improved wear resistance of modified B-Ti alloys to the

substrates by dry sliding wear tests applying different loads.

The aspects concerning the processing of modified (3-Ti alloys and the evaluation of

their mechanical properties and wear resistance are found in Chapter 6.

Finally, the third section consists of inducing bioactivity by an anodic treatment,
modifying the topography and, at the same time, incorporating bioactive and antimicrobial
agents like calcium (Ca), phosphorus (P) and zinc oxide (ZnO). These results are discussed
in Chapter 7.
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3.1. Experimental work scheme.

This research studies different beta titanium alloys (3-Ti) containing niobium (Nb)
and iron (Fe) as alloying elements; and titanium hydride (TiH:) as Ti source, from the
development of the alloy until the assessment of the mechanical and biological properties.

Figure 3.1 displays the scheme of the experimental framework carried out during this thesis.

This thesis aims to study strategies to prevent the appearance of the three main issues
related to the current hip implants (see Chapter 2), by the development of an alloy and
surface treatments that fulfil all requirements to avoid premature failure in hip implants.
Therefore, this experimental procedure has been structured into three blocks, which are
focused on (1) reducing the elastic modulus by the development of [3-Ti substrates; (2)
improving wear resistance by different techniques and (3) increasing the bioactivity of
modified -Ti alloys.

3.2. Starting materials.

The beta titanium ((3-Ti) substrates were prepared from TiH>, Nb and Fe elementary
powders as raw material. With the aim to optimise the sintering conditions, two kinds of Fe
and Nb elemental powders were employed, to evaluate the effect of particle size on the
densification process. Table 3.1 summarises the powders employed and their main
characteristics. Figure 3.2 displays the morphology and particle size distribution of the raw
powders employed for processing of 3-Ti alloys.

In the case of reinforced samples, boron nitride (BN), titanium diboride (TiB2) and
titanium nitride (TiN) powders were used as ceramic reinforcement to modify the (3-Ti base
alloys. Figure 3.2 shows the morphology and particle size distribution of the reinforcements

used in this work.
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Table 3.1. Powders employed during processing of 3-Ti substrates and reinforced materials.

Powder Supplier Density * (g/cm?) Dso (um)
TiH: GfE 3.83+0.01 24.3
Nb-1 Alfa Aesar 8.56 £0.03 13.7
Nb-2 Sat Nano 8.54 +0.02 21.5
Fe-1 Pomenton 7.79 +£0.01 34.0
Fe-2 H.C. Starck 7.88 +0.01 3.4
TiB2 Sigma Aldrich 4.33+0.01 5.4
TiN Sigma Aldrich 5.21 +0.01 4.1

* Determined by Helium pycnometry.
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Figure 3.2. Features of the elementary powders employed in this work. a) Particle size
distribution of the starting powders; SE-SEM images of the powders: b) TiHz; c) Nb-1; d) Nb-2; e)

Fe-1 and f) Fe-2.

Experimental procedure | 61



144 ——TiB,

—TiN
124

104

Volume fraction (%)
©
1

0.1 1 10 100
Particle size (um)

(a)

(b) o (©)

Figure 3.3. Features of the elementary powders employed in this work. a) Particle size
distribution of the reinforcement particles; SE-SEM images of the powders: b) TiB2; c) TiN.

- Particle size distribution measurements:

Particle size distribution was obtained using a laser diffraction particle size analyser
(DLS Mastersizer 2000; Malvern Instruments Ltd., UK) equipped with a wet sample
dispersion unit Hydro Sm (Malvern Instrument Ltd., UK). The dispersion unit was filled
with distilled water and five drops of dispersant in order to avoid the formation of the
agglomerates during the measurement, which could mask the results. Subsequently, the
powder sample was incorporated under mechanical stirring to maintain the particles

dispersed.

The principle of this technique is based on measuring angular variation in the
intensity of the scattered light when the laser beam hit the particle dispersed in water. If
particles are small, a large angle light scattering is produced, relative to the laser beam, [1].
This is a useful technique since a small amount of powder is required to obtain an accurate

measurement in a short time.
3.3. Thermodynamic studies.
The compositions assessed in this work were selected by thermodynamic simulation

for Ti-xNb and Ti-5Fe-xNb systems. The phase diagrams were predicted by Thermo-Calc

62 | Chapter 3



software (Thermo-Calc Software Inc., McMurray, PA) using the Ti alloys database V3.1
(TTTI3).

3.4. Study of titanium hydride decomposition.

This work section aims to identify the phases that are formed during the titanium
hydride (TiHz) decomposition, as well as, evaluate the effect of the addition of 3-stabilising
elements such as Fe and Nb (Fe-2 and Nb-2 were used in this study) on the dehydrogenation
process, in order to be able to control the decomposition process and produce (3-Ti alloys
from TiH: powders, avoiding pores and crack formation produced due to the hydrogen

release.

Dehydrogenation process was analysed for two environments: under high purity
argon flow by thermal analysis, and in high vacuum conditions. This study was performed
controlling shrinkage, the mass loss associated with released hydrogen, densification, as well
as the sequence of phase transformations and the evolution of the microstructure in the

different stages of the process.

Samples were prepared by blending the required amount of powders for 1 h in a
multidirectional mixer (Turbula®, WAB, CH). Table 3.2 summarises the compositions
prepared, as well as the method employed for their analysis. The amount of TiHz in the
mixtures was calculated to obtain the mentioned final compositions of Ti, after the

dehydrogenation process.

Table 3.2. Compositions prepared and analysing methods employed.

Composition ! DTA/TGA/DIL * VAC
TiH: X X
TiH2-5Fe X X
TiH2-7Fe X -
TiH2-12Nb X X
TiH2-25Nb X -
TiH2-5Fe-25Nb X X
TiH2-7Fe-25Nb X -
TiH2-40Nb X X
TiH2-5Fe-40Nb X -
TiH:-7Fe-40Nb X -

! Nomenclature indicates the compositions in weight per cent.
* Performed using a high purity argon flow of 80 mL/min

3.4.1. Thermal analysis.

Differential thermal analysis (DTA) and thermogravimetric analysis (TGA) were
carried out on a Setaram Setsys' Evolution 16/18' (Setaram Instrumentation, FR) for mixtures
of powders, filling the alumina crucible with 80 mg of powders and with argon flow of 80

mL/min. Samples were heated at 10 °C/min up to 1250 °C, and were cooled at 10 °C/min.
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DTA results led to identifying the critical decomposition temperature of the different
stages of the dehydrogenation process and how the presence of alloying elements modifies
them. Furthermore, DTA allows validating the expected reduction of the beta transus

temperature, according to thermodynamic simulation.

From the mass loss observed in the TGA analysis, it can be discerned if the complete
TiH2> decomposition to Ti has occurred by calculating the relative hydrogen loss (RHL)
during TGA analysis. For this, it is assumed that the mass loss corresponds to the hydrogen
released during dehydrogenation, since no mass loss is expected for the alloying elements.
For each composition, the theoretical hydrogen amount contained in the TiH: fraction in each
composition was considered. It was assumed that starting TiH2 powder contains 4.04 wt.%
of hydrogen. For instance, sample TH12Nb contains 88.4 TiH> wt.%; of this, a 4.04 wt.%
corresponds to hydrogen. Hence, the total hydrogen content in TH12Nb composition would

correspond to 3.57 wt.%.

The RHL was calculated, following Equation 3.1 and Equation 3.2.

m Equation 3.1
RHL = x 100 [%]
Mo (H)
Xm(TiHZ) X 4.04 (Wt % H) X mg (sample) Equation 3.2
Moy = 100 (9]

Where mg ) is the total mass of hydrogen for each composition before heating;
Xn(rinz) is the mass fraction of TiHz, and mg (sampie) corresponds to the starting mass of the

samples before heating.

Thermal analyses were conducted in the Institute for Ceramic and Glass, CSIC in
Madrid.

Dilatometry.

Dilatometry (DIL) measurements were performed to evaluate the different length
changes that occur during the dehydrogenation process and to identify the starting sintering
temperature of the alloys. DIL was made for square pressed samples at 700 MPa (about 1 cm
side length), using a dilatometer Setaram Setsys Evolution TMA (Setaram Instrumentation,
FR) with a vertical configuration. Samples were heated at 10 °C/min up to 1250 °C, and
were cooled at 10 °C/min. This experimental section was performed in the Institute for
Ceramic and Glass, CSIC in Madrid.
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3.4.3. Thermal behaviour under high vacuum conditions.

Heat treatments using high-vacuum conditions (VAC) were done to corroborate the
transformation reactions and dimensional changes observed by thermal analysis, as well as
to evaluate the microstructural evolution during the decomposition stages, using similar

processing conditions as those employed in the Ti industry.

VAC treatments were carried out for green compacts obtained by uniaxial pressing
at 700 MPa, obtaining disks of 14 mm in diameter and 2-3 mm in thickness. Samples were
treated in a high-vacuum tube furnace, model Carbolite-Hut 15/50/450 (Carbolite, UK),

equipped with a diffusion pump coupled to a rotary pump, reaching a pressure of 10°mbar.

The VAC treatments performed are shown schematically in Figure 3.4. They were
performed between 400 and 1100 °C. For heat treatments from 400 °C to 800 °C, samples
were heated with a heating rate of 2 °C/min. Samples treated at 1100 °C were heated to 800
°C at 2 °C/min, and from 800 to 1100 °C, the heating rate was 5 °C/min. In all cases, once the
chosen temperature was reached, it was maintained for 5 min; the furnace was cooled to
room temperature with a cooling rate of 5 °C/min. During dehydrogenation, a heating rate
of 2 °C/min was used to promote hydrogen elimination, according to previous results [2].
Afterwards, the heating rate was increased to 5 °C/min between 800 to 1100 °C to promote
sintering and alloying elements diffusion after dehydrogenation. Five specimens were

analysed for each heat treatment.

1000 4

8 8

Temperature [°C)
8

Time (min)

Figure 3.4. Heat treatment performed under high vacuum conditions (VAC).
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3.5. Materials processing.

3.5.1. Beta-titanium (B-Ti) substrates.

Three different [-Ti substrates containing Ti-12Nb, Ti-40Nb and Ti-5Fe-25Nb
(compositions are specified in weight per cent) were prepared in this work. Table 3.3
displays the nomenclature used, as well as the nominal composition for each mixture of
powder. The amount of TiH> used for each mixture was calculated to reach the
aforementioned final composition after the dehydrogenation process; considering the

theoretical weight loss of 4.04 wt.%, related to the total amount of hydrogen in TiH2 powder.

Table 3.3. Nomenclature and nominal compositions prepared (wt.%).

Nominal composition (wt. %)

TiH: */ Ti Nb Fe Label
884/ 88 12 THI2Nb
60.9 / 60 40 TH40Nb
70.8/ 70 25 5 TH5Fe25Nb

* TiH2 amount to achieve the fixed composition considering the hydrogen loss.

3.5.1.1.  Sample preparation.

Substrates were processed by conventional powder metallurgy route, that is a
pressing and sintering process. Figure 3.5 summarises the steps followed for the
manufacturing of the substrates. First, the raw powders were homogenised by dry blending
for 1 h in a multidirectional mixer (Turbula® WAB, CH). Then, green compacts were
obtained by uniaxial pressing with a floating die at 700 MPa, using a cylindrical die of 16
mm in diameter and about 2-3 g of powder. Zinc stearate was used as a wall-die lubricant.
Finally, green powder compacts were sintered under high-vacuum conditions (10° mbar),
using a tube furnace (Carbolite-Hut 15/50/450; Carbolite, UK), equipped with a diffusion
pump coupled to a rotary pump.

Raw Dry Pressing at - High vacuum - Sintered -Ti
# blending » 700MPa sintering substrate

powders
TiH, & YYYYYVYYYY P
o M |
FYVVVVVVVY ‘

Fea

Figure 3.5. Schematic of experimental procedure carried out for 3-Ti substrates.

Characterization
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3.5.1.2.  Consolidation parameters optimisation.

Consolidation parameters were studied focusing on two aspects: dehydrogenation
process, which takes place at low temperature between 400-800 °C [3]-[6]; and, densification
and diffusion of alloying elements (especially of Nb) into Ti matrix, at high temperature

(above 800 °C). The optimal sintering cycle should promote these two processes.

Due to the significant influence of the heating rate on TiH> decomposition, different
heating rates during the dehydrogenation stage were assessed. Both time and maximum
sintering temperature were varied, in order to evaluate the densification and diffusion
process of the alloying elements. Five sintering cycles were performed, which are described
in Table 3.4.

Table 3.4. Heating conditions for sintering cycles designed.

Heating at low temperature Heating at high temperature

Sintering

HR IT HR IT HR Holding CR

Ovele  eCimin) €O CCmin €O (Cimin) temf(’fé‘;t“re time (h)  (°C/min)
Cl1 5
700
2 500 1200 2
= 5 5
450-
4 5 a0 2 O 1250 4
C5 1450 1

HR: Heating rate.  IT: Intermediate temperature. CR: Cooling rate.

The physicochemical characteristics of the starting powders influence the final
properties and performance of PM alloys profoundly. Hence, sintering cycles were also
analysed for two kinds of Fe, and Nb elementary powders, with different particle size
distribution and morphology (See section 3.2). Table 3.5 summarises the type of powder

employed in each sintering cycle.

Table 3.5. Powders employed in each sintering cycle.

Sintering cycle Nb Fe
C1 1 1
C2 1 1
C3 1 1/2
C4 1/2 1/2
C5 2 2
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3.5.1.3.  Heat treatment (HT) for dissolution of titanium carbide

This experimental section was performed in the Department of Industrial

Engineering in the Universita di Trento in Italy.

Titanium carbide (TiC) formation, especially along the grain boundaries, increases
Young's modulus, but overall has detrimental effects on the fatigue life, ductility and
corrosion resistance of Ti alloys [7]. These carbides influence the mechanical behaviour,
producing premature failure of the alloy, due to cracks nucleating and propagating from the

titanium carbides particles.

Preliminary studies on mechanical properties by static and dynamic flexural test
revealed a marked intergranular fracture for sample TH5Fe25Nb, at lower stresses than
expected. This fact is related to both big grain size and TiC detachment. Hence, several heat
treatments (HT) that promote dissolution or reduction in the size of the TiC precipitates were

proposed in order to improve the mechanical behaviour.

The carbon solubility in Ti-5Fe-25Nb-xC system was previously evaluated, by
thermodynamic simulation, using Thermocalc software, to evaluate how the carbon content
modifies the phase diagram. From the resulting phase diagram, various temperatures were

chosen in order to study the TiC dissolution by cooling from different regions.

Table 3.6. Conditions of heat treatment for dissolution of TiC.

TT HR T HT CR T HT CR T
(°C/min) (°C) (h) (°C/min) (°Q) (h) (°C/min) (°Q)

HT1 1300 0.5

HT2 1300 1

HT3 1050 1

HT4 10 1050 2 600 25

HT5 900 2

HT6 900 6

HT7 1050 1 10 650 5 600

TT: Thermal treatment. HR: Heating rate. HT: Holding time CR: Cooling rate

The HT were done using a quenching dilatometer (DIL805A/D/T; TA® Instruments,
US) equipped with an induction heating system, that allows applying rapid heating and
cooling rates, as well as changes of the atmosphere while the test is taking place. Table 3.6
summarises the heat treatments performed in this work. For all treatments, samples were
heated under vacuum (10 mbar) while cooling was carried out under argon atmosphere

until room temperature.
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3.5.2. Reinforced B-Ti alloys.

The alloys containing Ti-40Nb and Ti-5Fe25Nb were chosen to be reinforced with
ceramic particles, due to their higher fraction of 3-Ti phase compared to composition Ti-
12Nb, which exhibits a biphasic (a+p) microstructure. A higher amount of 3-Ti phase is
related to lower elastic modulus values, which is desired in Ti alloys for biomedical

application.

Titanium diboride (TiB2) and titanium nitride (TiN) powders were used as ceramic
reinforcement for the 3-Ti matrix/alloys. Mixtures were prepared from TiHz, Nb-2, Fe-2, and
5 vol.% of TiB: and TiN as starting powders. The nominal composition for each mixture of
the powder prepared, and the nomenclature used for the reinforced samples are shown in
Table 3.7.

Table 3.7. Nominal compositions for wet-milled (WM) reinforced samples.

Samples TiH:*/ Ti Nb-2 Fe-2 TiB:2 TiN
TH40-TiB2 58.5/57.5 38.4 4.1
TH40-TiN 58.1/57.2 38.1 4.7
TH525-TiB2 67.8/67.0 23.9 4.8 4.3
TH525-TiN 67.4/ 66.5 23.8 4.8 4.9

* TiH2 amount to achieve the fixed composition considering the hydrogen loss.

int
Metal Ceramic Wet milli - Pressing at High vacuum - rs;:;:gd
powders + reinforcement » et mifling 700MPa - sintering samples
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Figure 3.6. Schematic diagram for manufacturing of reinforced (3-Ti alloys.

Mixtures were obtained by wet blending in order to improve the dispersion of the
ceramic reinforcements into the 3-Ti matrix. Milling was carried out on a planetary ball mill
for 2 h, at 150 rpm using isopropanol as milling medium. The ratio of steel balls-powder
employed was 10:1 in weight. Mixtures were dried employing a rotary evaporator.
Subsequently, the mixtures were uniaxially pressed at 700 MPa, obtaining disks of 16 mm in

diameter and 2-3 mm in thickness. Green compacts were sintered under high vacuum
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conditions at 1450 °C, with a holding time of 4 h, following sintering cycle 5 (C5). Processing

of reinforced samples is summarised in Figure 3.6.
3.5.3. Coating treatments.

3.5.3.1.  Gas nitriding treatment.

For gas nitriding treatment, samples were ground with sandpaper and then, were
cleaned for 10 min using an ultrasonic bath in distilled water. Then, samples were heated in
a horizontal tubular furnace Carbolite STF 15/75/450 up to 900 °C, employing a heating rate
of 5 °C/min and maintaining it for 12 h; finally, samples were cooled to room temperature at

5 °C/min. The whole process was carried out using a high purity nitrogen gas environment.

Samples were heated using two overlapped alumina crucibles, as shown in Figure
3.7. Samples were put on the internal crucible. Ti powder was used in the external crucible,

as a scavenger of oxygen, in order to prevent their oxidation.

B-Ti Gas nitriding Nitrided o
substrates ‘ treatment - samples # Characterization
YYYYYYVYYY
TH40 5 N, flow

TH525 L@@
Ti powder

Sintered ) .

| 900°Cfor12h |

with C5

Figure 3.7. Schematic diagram for gas nitriding treatment.

Samples coated by gas nitriding treatment will be referred from now onwards like
GN-followed by the sample composition (GN-TH40 and GN-TH525).

3.5.3.2.  Plasma deposition coating.

Plasma deposition coatings (PDC) were deposited in the Laboratory of
Semiconductors Films of the Universidade Estadual Paulista "Julio de Mesquita Filho",

campus Bauru in Brasil.

PDC were deposited by radiofrequency (RF) magnetron sputtering techniques. This
technique is useful to deposit a film formed by a chemical reaction between the target atoms
to be deposited onto the substrate surface, and the gas atoms contained into the vacuum
chamber. In this way, films of nitrides and oxide can be easily deposited controlling the gas
pressure of the atmosphere. RF magnetron sputtering systems is shown in Figure 3.8a. A
magnetic field is produced close to the target, which removes the target atoms from the
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surface (Figure 3.8b). Plasma is concentrated near the target area and the ionised gas atoms
(Ar*, N2 atoms), collide with target atoms (Ti). The reaction between Ti-N2 atoms forms
stoichiometric TiN compound, which is deposited in thin layers on the sample surface.

Vacuum chamber

O Ar
oN,
O Ti target atom
(:) TiN molecule

Shutter
(S e
Gas flow
I
Vacuum g

pump ! \—D { : -
e v

Cooling powder

supply

(a) (b)
Figure 3.8. Radiofrequency (RF) magnetron sputtering (a) System assembly, and (b) Process for
TiN film coating.

PDC were carried out using a reactive magnetron sputtering system (Kurt. J.
Lesker©, US), equipped with a Torus sputtering cathode of 3" in diameter (Kurt. J. Lesker©,
US). A pure Ti target was used (AJA International Inc., US).

TiN coatings were deposited on the TiN reinforced substrates, using a power supply
frequency of 13.6 MHz. Samples were ground with sandpaper. After grinding, samples were
cleaned in an ultrasonic bath in deionised water, propanol and deionised water for 10 min,

respectively.

Before TiN deposition, the sputtering chamber was evacuated down to residual
pressure of < 5x10¢ Torr. Then, the substrate surface was sputter-cleaned in two stages to
minimise the surface impurities. First, it was cleaned with pure argon flow of 40 sccm
(standard cubic centimetre per minute) for 3 min and then with a mix of high purity 40 sccm

argon and 10 sccm nitrogen gas flow for 2 min.

A resistance heater was used to maintain the sample holder temperature at 400 °C.
The TiN layer was deposited applying RF power of 240 W and using 40 sccm of argon and
10 sccm of nitrogen flow, at a constant total pressure of 5x10° Torr. The total deposition time

was 520 min.
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Samples nitrided by plasma deposition method will be referred to from now onwards
as PN-followed by the sample composition (PN-TH40(TiN) and PN-TH525(TiN)).

Functionalised materials.

This work section was performed in the Anelasticy and Biomaterials Laboratory of

the Universidade Estadual Paulista, campus Bauru in Brasil.

TiN reinforced samples were functionalised by Micro-Arc Oxidation process (MAO),
also called, electrochemical anodic treatment. This technique consists of immersing the
sample in an electrolyte medium and applying a high voltage between an anode and cathode
for a short time. The sample surface is maintained in anodic conditions that promote plasma
sparkling and oxidation reactions, generating an inner porous oxide layer connected to the
surface. During the plasma sparkling, the elements dissolved into the electrolyte are
incorporated into the anodic layer. The anodic layer leads to better tribocorrosion behaviour.
It allows improving the bioactivity in the Ti surface, by incorporation of bioactive elements
like Ca and P, which can promote osteointegration by precipitation of hydroxyapatite.
Furthermore, controlled porosity and roughness may promote specific cellular processes

and cellular fixation, like adhesion and proliferation of osteoblasts, favouring bioactivity.

Before MAO treatment, TiN reinforced samples were ground with sandpaper and
etched with Kroll's reagent for 3 min. Then, they were ultrasonically cleaned in propanol and

distilled water for 15 min, respectively each.

Figure 3.9 shows the experimental configuration carried out for the anodic treatment.
Samples (anode) were placed in an electrochemical cell and immersed in a conductive
electrolyte. A platinum sheet, located on the opposite side, was employed as a cathode to

allow the electrochemical reaction.

The electrolyte consists of an aqueous solution containing (-glycerophosphate
disodium salt pentahydrate (3-GP) (Fluka-BioChemika) and calcium acetate monohydrate
(CaA) (Sigma-Aldrich) as Ca and P sources, and zinc oxide nanoparticles (ZnO NPs) (Sigma-
Aldrich). Figure 3.10 shows the morphology of ZnO NPs used in this section.

The electrolyte was chosen to incorporate bioactive species (Ca and P) that promote
apatite formation, increasing sample bioactivity. While ZnO was incorporated since it has an
antibacterial effect, and could also improve the tribological behaviour [8]. On the other hand,
Zn enhances the protein synthesis, promoting proliferation and differentiation of osteoblast
cells, which stimulates bone formation, avoiding failure during the early stage of

implantation [9]
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Figure 3.9. Schematic representation of MAO treatment setup.

(b)

Figure 3.10. SE-SEM images of ZnO nanoparticles taken at different magnification.

The electrolyte used for MAO treatment was a solution containing 0.02 M of 3-GP
and 0.35 of CaA. This electrolyte was modified by the addition of 0.02 M, 0.05 M and 0.07 M
of ZnO NPs. Mixing of 3-GP and CaA was carried out by simple magnetic stirring. Addition
of ZnO NPs was performed by ultrasonic dispersion during 5 min using an ultrasonic
processor (Sonics VCX-750) operating at 20 kHz and 300 W, right before the MAO treatment.

The anodic treatment was performed at room temperature using a DC power supply
(Agilent N5772A), under a constant voltage of 300 V and restricting the current to 2.5 A for
1 min. The MAO treatments were carried out under magnetic stirring to prevent ZnO NPs

agglomeration, ensuring homogeneous ions flow in the bath.

Anodised samples were cleaned in distilled water at 50 °C to remove the ZnO NPs
that did not adhered to the surface. Then, samples were examined by SEM to evaluate the
Ca, P and ZnO NPs distribution and to analyse the porosity in the anodised layer.
Profilometry was carried out to measure the roughness and XRD analysis to detect anatase
and rutile formation, which are key aspects of improving the biological response.
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3.6. Characterisation of powders and processed samples.

3.6.1. Density measurement.

For each sample type, different techniques were employed to determine the density.
- Helium pycnometer:

This method is used to measure the density of the body of the solids, using helium
as displacement medium. It uses the gas displacement method to measure the sample
volume; knowing the sample mass value, density can be calculated. The pycnometer density
is also known as absolute density or true density; it considers surface pores accessible to the
gas, excluding closed porosity. Usually, the values obtained are close to the theoretical

density but always lower due to the defects or impurities generated during processing.

Helium pycnometer (AccuPyc 1330; Micrometric, US) was employed to measure the
density of the starting powders. The measurement was performed three times for each

powder.

- Geometrical method:

The apparent density of green compacts and consolidated samples (3-Ti substrates,
TiN reinforced and nitrided samples) was determined by the geometrical method, assuming
the cylindrical geometry of the specimens. The volume calculated by this method includes
both open and closed porosity. It is a method with limited accuracy, but an accepted

approach to control the uniformity between the batches of samples processed.
- Immersion method:

The density of the consolidated samples (3-Ti substrate and all modified alloy) was
measured using Archimedes' Principle. Samples were immersed in ethanol (pe¢nanor= 0.789
g/cm® at room temperature), recording the weight both in air (mg;) and immersed
(Mimmersea)- According to the Archimedes Principles, density was calculated following
Equation 3.3.

Myir

p = ———X Pethanot [g/cm?]
Mimmersed

Equation 3.3

Relative density (p,.;) was obtained by the relationship between the Archimedes
density (p) and the theoretical density (p.y), as shown in Equation 3.4. The theoretical
density was calculated by the rule of mixture for each composition by Equation 3.5.
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Prel = P_ X 100 [%] Equation 3.4
th
X X X Equation 3.5
pin = 2+ 2 4+ 2R (g /emB] quation
p1 P2 n

Where, X,,;is the mass fraction of each component and p; corresponds to its
theoretical density. The TiH: density (3.75 g/cm®) was considered for the green samples, and

the Ti density (4.51 g/cm®) was used for sintered samples.

This measurement method includes the open and closed porosity of the sample.
Hence, Total porosity (Pr) can be calculated as a function of relative density values by

Equation 3.6.
Py =100 — prg; [%] Equation 3.6

"~

3.6.2. Chemical analysis of interstitials elements.

It is well known that Ti has a high affinity for interstitial elements such as C, O and
N. The presence of these elements, causes significant changes in the mechanical behaviour
of Ti alloys, influencing mainly the elastic properties. Since toughness decreases as the
interstitial concentration increases, the alloys become brittle. The most critical element that
affects the mechanical properties is oxygen, because it is picked up preferentially compared
to the others. Moreover, these elements are soluble in a-Ti phase, favouring the alpha phase
formation, which is not desirable in this specific research, as it contributes to higher elastic

modulus values.

Therefore, it is essential to control the presence of interstitial elements, both in the
starting powders and in the sintered components. The interstitial content was analysed by
Leco equipment (LECO, US); using a Leco TC-500 to determine O and N amount, and a Leco
CS-200 to measure the C content.

The sample is deposited in an alumina crucible for C measurement, using about 250-
300 mg. At that moment, an accelerator reagent (Lecocel II) is added to facilitate the
combustion. The procedure consists of melting the sample under oxygen gas flow, in an
induction furnace located inside the equipment. When combustion is reached, the C in the
sample reacts with the gas, forming CO and CO: as combustion gases. These gases pass
through powder and moisture and finally, are analysed using an infrared (IR) cell. The
results obtained are expressed in weight per cent. The measure was performed three times
for each sample.
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In the case of O and N measurement, the sample is placed in a graphite crucible,
using about 100-150 mg for samples containing Ti and Nb; while for Fe samples, about 1 g
of sample was used. The sample is melted in the induction furnace, under Helium
atmosphere. The O in the sample is combined with the C of the crucible, forming CO and
COs. The N contained in the sample is released as molecular N2. Helium gas carries the
sample gases through filters to an IR cell where O is measured from COz; while N2 passes
through a thermal conductivity cell to be measured. The results obtained are expressed in

weight per cent. The measurements were performed three times for each sample.
3.6.3. Mass loss and quantification of hydrogen released.

Mass loss (Am) after sintering was calculated using Equation 3.7

my
Am = ——=x 100 [%] Equation 3.7
mo

Where, m, and m; correspond to the sample mass before and after sintering,

respectively.

Based on the assumption that the mass loss is produced only by the dehydrogenation
process, quantification of hydrogen released in vacuum sintered samples was estimated as
described in Section 3.4.1.

3.6.4. Microstructural analysis.

Microstructural analysis was performed by scanning electron microscopy (SEM).
Different microscopes were employed for the analysis, based on the equipment availability
and the sensitivity or accuracy required for each analysis. The microscopes used in this work

are indicated below:

- Phillips XL-30 (Phillips, NL) coupled with energy-dispersive X-ray spectroscopy
(EDAX, US).

- JSM-IT300LV (JEOL, JP) microscope equipped with an EDS detector XFlash 630M
(Bruker, UK).

- EVO-015 (Carl Zeiss, DE) microscope.

- Field emission scanning electron microscopy, FE-SEM Teneo (FEI, US) equipped with
an EDS X-ray analyser DX-4 detector.

- Optical microscope model Axiophot (Zeiss, DE).

Surface preparation was different according to the kind of sample to be analysed.
Overall, samples were mounted in a conductive resin. Then, samples were ground using

sandpaper until a final step of P1000 and polished with alumina suspension of 1 and 0.3 pm.
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Polishing was completed with colloidal silica of 0.04 um (Struers, DK), wetting the polishing
cloth with hydrogen peroxide, in this step. Hydrogen peroxide has a slight etching effect that
helps to reveal the microstructure. Finally, samples were coated with a thin carbon film. The
gold coating usually used for this purpose was avoided as the emission line of gold is very

close to that of Nb, producing overlap.

After the polished surface evaluation, TiB: reinforced samples were deep etched in
Kroll's reagent for about 5 minutes in order to remove the metal matrix and reveal the
morphology of precipitates. Kroll's etchant was prepared using 100 ml distilled water, 3 ml
hydrofluoric acid and 6 ml nitric acid. Samples with surface modification (gas nitriding
treatment, plasma deposition coating, and anodising treatment) were treated prior to
metallographic preparation, in order to ensure that the modified surface is not damaged
during the metallographic preparation process. Firstly, samples were coated with a thin gold
film to ensure their conductivity. Then, samples were coated with a Cu film by electrolysis
process, where the sample is immersed in a CuSOs solution, and an electric current passes
through a piece of Cu, which acts as anode; and sample acts as a cathode. The Cu ions are
deposited into the sample surface, protecting the coated surface during metallographic
preparation. Finally, Cu coated samples are metallographically prepared, following the

procedure mentioned above.
3.6.5. X-ray diffraction.
- Conventional measurement:

The phase structures for the processed samples were analysed by X-ray diffraction
(XRD) using X'pert Phillips (Phillips, US) with Cu Ka radiation 1.54 A, and an accelerating
voltage of 40 kV and a current of 40 mA. Pattern diffraction was obtained between 20° to 80°
using a step size of 0.02° and a time per step of 2.5 s. X'pert High Score software was used to
identify the different phases.

- Grazing incidence X-ray diffraction:

Depending on the material features, conventional X-rays may penetrate deep,
reaching several microns. For thin film characterisation, this is not desirable since the
substrate contributions could mask the contribution of coating phases. GIXRD permits to
control the X-ray penetration depth by changing the incidence angle between the X-ray beam
and the sample surface. The incidence angle is known as o; it is very small and generally
ranges from 0.1° to 1°[10]. Using GIXRD ensures, at least, most of the incident X-ray beam is
confined within the film, and substrate contributions are eliminated or considerably reduced
[10]-[12]. Hence, the phases detected by GIXRD will correspond to film instead of substrate.
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Coatings obtained by nitriding treatment were analysed using grazing incidence X-
Ray diffraction (GIXRD) in order to determine, more accurately, the phases present in the
outer compound layer. GIXRD measurements were performed using an X'pert Pro Phillips
(Phillips, US) diffractometer with Cu K« radiation, an accelerating voltage of 45 kV and a

current of 40 mA. An incidence angle (a) of 1° was used.

3.7. Mechanical characterisation.

3.7.1. Microhardness.

The hardness of processed samples was evaluated by Vickers microhardness
measurement using a hardness tester ZHVp (Zwick Roell, DE), applying a load of 50 gf
(HVoos) with a diamond tip during 10 s. The values reported correspond to the average
obtained after 20 indentations, which were randomly done following the ISO 6507-1:2018
standard. [13]

For comparison purposes, this test was performed in the cross-section of the
processed samples. Samples were cut and embedded in a resin; then, they were
ground with sandpaper with a final step of 1200 and polished until a mirror surface
was obtained. Hardness in the cross-section was measured to evaluate the hardness
in the matrix and not only on the surface; since, in the case of coated samples, it is
expected that hardness values will be considerably higher on the surface, due to the
external TiN layer. Additionally, hardness was measured at the top surface of
nitrided samples, in order to compare the hardness of coatings achieved by plasma

and gas nitriding treatment.
3.7.2. Elastic modulus.

Elastic modulus was determined for all processed materials using indentation tests.
Indentations were done in the cross-section of the samples using a universal durometer
ZHU2.5 (Zwick Roell, DE), applying a load of 10 N for 10 s. Samples were cut and embedded
in a resin; then, they were ground and polished to ensure a planar surface. Values reported

correspond to the average of at least 20 measurements for each material.

In this test, the load (P) displacement (h) data is recorded during the load-unload
cycle. Equation 3.8 shows the relationship between the initial unloading contact stiffness (S),
to the elastic modulus (E) of the sample, as stated by Oliver and Pharr theory [14].

dP 2 Equation 3.8
§=—r= ,BﬁE\/Z
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Where, Z—Z is the slope in the upper portion of the unloading curve, during its initial

stage; f is a correction factor, according to the indenter symmetry employed; A is the

projected contact area when the maximum load is applied.
. Fatigue test.

This experimental section was performed in the Department of Industrial

Engineering in the Universita degli Studi di Trento in Italy.

Fatigue is a material degeneration process in which material failure occurs when it is
subjected to cyclic stresses, which are lower than the material fracture strength. Fluctuating
stresses are considered to produce small amounts of plastic strain. These deformations
accumulate until they lead to the formation of microcracks that usually nucleate near the
surface. The crack grows into the material in a direction normal to the applied load, until
reaches a critical size, then it propagates through the material and producing the failure by
fracture. [15], [16]

Fatigue behaviour of the (3-Ti substrate was evaluated by three-point bending fatigue
test using an Instron 1341 machine (Instron). Samples were cut by electrical discharge

machining, using a brass wire to achieve a rectangular specimen of 17x2x1.5 mm.

The three-point bending fatigue tests were conducted at room temperature on 12
specimens for each composition. Figure 3.11 shows a schematic representation of the sample
position for fatigue tests. The stress produced in this test are bending stress which can be

calculated using Equation 3.9.

3FL Equation 3.9
RETYY [MPa]

o

Where F is the load (N); L is the support span length (mm); b is the sample width,
and h is the sample thickness.

9

L: 12 mm
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Figure 3.11. Schematic representation of bending fatigue test.

The sinusoidal load was applied at a frequency of 25 Hz. The number of cycles was

set on value 2x10° cycles, which represents the run-out condition.

During fatigue tests, the sample is exposed to different stress amplitude levels. The
stress amplitude (g,) is defined as half of the difference between the maximum (0;,4,) and
minimum (0,,,;,) applied stress (Equation 3.10). The mean stress (o,,) applied can be defined

using Equation 3.11. Tests were performed using a stress ratio, R=0.1 (Equation 3.12).

__ Omax-9min Equation 3.10
O, = —2
_ Omax T Omin Equation 3.11
Om = —2
R = M Equation 3.12
Omax

The initial load applied, was defined about 40% of flexural strength, which was
previously measured in three samples for each composition by static three-point bending
test. Then, the load was increased or reduced depending on the number of cycles reached,

looking towards determining the run-out stress condition or the infinite life.

Fatigue limit or fatigue strength (o) is the maximum fluctuating stress that a material
may resist for a high number of cycles, above 10° cycles. It can be estimated empirically from

the S-N curves, applying the Basquin equation (Equation 3.13).
b .
0, = O"f x (2 Nf) Equation 3.13

Where ¢'f is the fatigue strength coefficient and b the fatigue strength exponent
which corresponds to the slope in the Wohler line. This parameter was determined plotting

logo, — logN and using a linear fit.

After fatigue test, the fracture surface was observed by SEM.
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Wear test.

Wear resistance was evaluated for 3-Ti substrates and modified 3-Ti alloys, in order
to assess the improvement reached for each surface modification technique. Wear behaviour
was studied by dry sliding tests; which were carried out on a ball-on-plate tribometer (UMT;
Bruker, UK), using reciprocal movement. They were performed in ambient air under
unlubricated conditions. Materials were tested by rubbing a 6 mm alumina ball under a load
of 10 and 20 N at a frequency of 1 Hz. The tests had a duration of 1800 s with a total stroke
length of 10 mm.

The surface of B-Ti substrate samples and TiN reinforced samples, was polished;
while coated samples were tested in as-treated condition, to maintain the TiN layer. Each

material was evaluated at least three times for each load condition.

After the dry sliding test, wear tracks were observed by SEM to analyse the wear
mechanism produced. In addition, wear tracks volume was measured by an optical
profilometer Zeta-20 (KLA, US). Profilometer obtains a 2D and 3D profile of the wear tracks,
which is useful to determine the wear track geometrical features. Wear track can be
represented by the model shown in Figure 3.12. For each wear track, four 2D profiles were

measured along the track to describe it.

First, the average wear area loss, 4,, (mm?) is calculated from depth (Y) and width
(X) values, taken by the 2D profile data and using Equation 3.14. For 4,, calculation, four

2D profile were measured (numbered lines in Figure 3.12) for each wear track.

n
A, = Z 0.5(Y; + Yi_)(X; — Xi—1) Equation 3.14 [17]
i=0

Figure 3.12. Model of wear track considered to calculate the wear parameters.

Once the 4,,, was obtained the average depth, D (mm) can be calculated by Equation
3.15.
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D =— Equation 3.15 [17]
w

Where, W is the average width of all wear tracks, measured in each wear track, for

four 2D profiles. Volume loss value, V (mm?) was calculated following Equation 3.16.
1 — _ S
V = § x 77 * D2 * (3R — D)] + A, *1 Equation 3.16 [17]

Where R corresponds to the radius of the alumina ball (6 mm) and [, is the total stroke
length (10 mm). Finally, the wear rate, W;, (mm?mm) was calculated considering V and the

total sliding distance, S (mm) with Equation 3.17.

W, = E Equation 3.17 [17]

3.8. Biological characterisation.

The biological characterisation performed in this work was performed in the
Biochemical Laboratory of Dentistry Faculty of The Universidade de Sao Paulo, campus

Bauru in Brazil.

This characterisation was carried out for the substrates TH-12Nb, TH40Nb and TH-
5Fe-25NDb, sintered under C4 conditions. Prior to the cell culture, samples were ground with
sandpaper to a final step of 1000. Then, the substrates were subjected to ultraviolet light for

30 min to reduce the contamination risk.
3.8.1. Cell culture.

For the cell culture, mouse preosteoblast MC3T3-E1 (subclone 14) cells (ATCC-
American Type Culture Collection), passage 12, were cultured at 37 °C in modified alpha
Minimum Essential Medium (a-MEM; Gibco, US) supplemented with 10 % Fetal Bovine
Serum (FBS; Gibco, US), 1 % antibiotic-antimycotic solution composed of penicillin 10.000
units- streptomycin 10 mg/mL (Sigma-Aldrich) in a humidified 5 % CO:z atmosphere.

After reaching the sub confluency, the cells were detached for 5 min in the CO
incubator at 37 °C using the enzyme trypsin, which is composed of 0.25 % trypsin-1 mM
EDTA (Sigma-Aldrich). The enzyme was inactivated with a-MEM containing 10 % FBS. Cells
suspensions were centrifuged at 1200 rpm, for 5 min at 4 °C. The supernatant was discarded,
and the cell pellets were diluted in a new a-MEM/10% FBS medium.
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3.8.2. Cell adhesion.

Samples were evaluated for cell adhesion, distribution and morphology using SEM
(EVO-015, ZEISS, DE). Four samples of each alloy group (TH12Nb, TH40Nb and
TH5Fe25Nb) were distributed in a 24-well plate. MC3T3-E1 cells were cultured at a density
of 100 cells/mm? for 4, 24, 48 and 72 h.

After each period, samples were washed with Phosphate Buffered Salin solution
(PBS; Gibco, US) to remove non-adhered cells. Then, samples were fixed by immersion in
Karnovsky's solution containing 2.5% glutaraldehyde and 2% paraformaldehyde in 0.05 M
sodium cacodylate buffer and 0.001 M calcium chloride, for 72 h. After fixation, the
specimens were washed several times with cacodylate buffer 0.05 M and then, postfixed for
1 h with 1% osmium tetroxide in distilled water followed by extensive washing in distilled
water to remove both the culture medium and buffer solution. Then, samples were
sequentially dehydrated using ethanol gradient solutions (50, 60, 70, 80, 90, and 100%) for 10
min each, followed by drying. Finally, a thin gold coating was applied using a plasma

sputtering system.

Five images at 45x magnification of each sample (20 images by each composition)

were acquired for cell quantification.
3.8.3. Cell morphology and number.

Cell morphology and quantification was evaluated using a laser confocal fluorescent
microscope (TCS SPE; Leica, Germany). For this purpose, three samples of each alloy group
(TH12NDb, TH40Nb and TH5Fe25Nb) were used. The MC3T3-E1 cells were cultured at a
density of 200 cells/ mm? for 4, 24, 48 and 72 h.

After culture time, the cells were fixed with using a solution of 2% paraformaldehyde
in PBS for 20 min; then, samples were washed three times with PBS. Rhodamine phalloidin,
a high-affinity F-actin probe, conjugated to the red-orange fluorescent dye,
tetramethylrhodamine (TRITC), was used to label the actin cytoskeleton, as indicated by the
supplier (Invitrogen™, US).

The samples were mounted face-up on glass slides and covered with rounded 13 mm
coverslips. ProLong™ Diamond Antifade Mountant with DAPI (Invitrogen™) was used to
counterstain nuclei in blue. The nuclei of cells were counted by Leica LAS X software.

3.8.4. Mineralisation assay.

Quantification and detection of the amount of mineralised calcium deposited in the
extracellular matrix was performed by alizarin red staining. For the alizarin red assay, 0.050
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mL of medium containing 50 cells/mm? (cultured as described procedure) was platted on the
surface of substrates in 24-well plates, and 1.00 mL of medium was then added after 4 h of
incubation. After 48 h, the cells were cultured in osteogenic medium containing 50 pug/mL
acid ascorbic, 10 mM B-GP in a-MEM and 10% FBS.

The assay was performed in four replicates, on the different substrates, for 21 days.
After this, the cells were washed with PBS three times and then fixed in 70% ethanol for 1 h
at 4 °C. The cells were stained with 0.70 mL of alizarin red in ultrapure water for 10 min at
room temperature. Then the cells were rinsed with ultrapure water, until the colour
disappeared. Samples were observed by optical microscopy (Kodak GL 100 imaging system;
Kodak Co., US).

Quantification method was obtained by addition of 280 puL of 10% (v/v) acetic acid
solution to each well containing the substrate previously stained with alizarin red. The plate
was shaken at room temperature for 30 min. After solubilisation, 100 puL of the extracted
stain, from each substrate, were transferred to Eppendorf tubes and then 40 uL. NH4OH 10%
was added to neutralise it. The coloured supernatant was put in a 96-well plate with a
spectrophotometer (Synergy ™ Mx Monochromator-Based Multi-Mode Microplate Reader,

BioTek Instruments Inc.) using a wavelength of 405 nm.
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4.1. Introduction.

The B-Ti alloys in this study were designed to be composed predominantly of 3-Ti
phase, as a strategy to reduce the elastic modulus of the Ti alloys; avoiding or preventing the
stress shielding phenomenon. 3-Ti alloys were produced by the addition of Nb and Fe as
alloying elements and using titanium hydride (TiH2) powder as Ti source. Three different
compositions containing Ti-12Nb, Ti-40Nb and Ti-5Fe25Nb (in wt.%) were prepared in this

work. !

The objective of this work is to identify the phases formed during the decomposition
of TiH: as well as the effect of the addition of 3-stabilising elements such as Fe and Nb on
the decomposition of TiHz, in order to be able to control the decomposition process and

produce (3-Ti alloys from TiHo-.

Understanding the thermal behaviour of TiH-: is essential for the processing of Ti
alloys. The use of TiH: offers advantages. Hydrogen elimination, during dehydrogenation,
provides a H-rich atmosphere that protects Ti against oxidation. Besides, use of TiH: instead
of Ti powder promotes sintering, achieving samples with higher densification compared to

Ti samples consolidated under the same conditions. [1]-[3]

The dehydrogenation process was analysed considering two conditions. Firstly,
using a constant high purity argon flow, which allows to follow the dehydrogenation process
in-situ. Secondly, heating the samples in high vacuum conditions (VAC). The phase
evolution in VAC was studied for temperatures from 400 °C to 1100 °C, which allows
evaluating the dehydrogenation (at lower temperatures) and the alloying element diffusion

process (at higher temperatures).

The study was performed controlling shrinkage, mass loss related to hydrogen
released, and densification, as well as the evolution of the microstructure during the different
stages of the process. The dehydrogenation evolution under argon flow and high vacuum

conditions are compared and discussed in this chapter.?

1 Both Fe and Nb employed in this section are referred to as Fe-2 and Nb-2 in Section 3.2

2 The main part of the information compiled on this chapter is published in:

“Beta Titanium Alloys Produced from Titanium Hydride: Effect of Alloying Elements on Titanium Hydride
Decomposition”. Chirico, C.; Tsipas, S.A.; Wilczynski, P.; Gordo, E. doi.org/10.3390/met10050682

Study of titanium hydride decomposition | 91


https://doi.org/10.3390/met10050682

4.2. Thermodynamic design of alloy composition.

This work aims to reduce the Young’s Modulus of the current Ti alloys employed as
biomedical implants by developing 3-Ti alloys processed by powder metallurgy route. The
alloying elements must be a non-toxic and biocompatible (3-stabiliser elements, which
restricts the alternatives. It has been reported several times that elements such as Nb, Mo,

Ta, Zr comply with these requirements, showing a wide solubility in BCC p-titanium [4]-[7].

It is well known that Nb is an isomorphous 3 stabiliser element for Ti due to the
complete solubility of Nb in 3-Ti phase. However, processing of Ti-Nb alloys is a challenge
in both ingot and powder metallurgy (PM) routes. In the first case, high temperature is
required due to the high melting point of Nb (2477 °C) that causes macro and micro-
segregation of Nb [8], [9]. Whereas in PM processing, the low Nb diffusivity in Ti inhibits
the development of homogeneous microstructures of Nb-rich Ti alloys. Therefore, high
sintering temperature and long sintering times are required to promote the complete
diffusion among Nb and Ti. [10], [11]

High Nb content is needed to obtain stable 3-Ti phase at room temperature. Addition
of large amounts of Nb implies increasing the weight of the alloy, due to its high density
(8.57 g/cm?®); and raising the alloy cost since Nb is an expensive metal. Hence, it is desirable
to develop (-Ti alloys based on low-cost alloying elements such as Fe, Cr, Mn and Sn that
promote the (3 phase stabilisation with lower Nb amount, reducing the alloy cost [12], [13].
The new generation of 3-Ti alloys with non-toxic and low-cost elements involves systems
like Ti-Cr-Al, Ti-Mn, Ti-Cr-Sn-Zr, Ti-(Cr, Mn)-Sn, Ti-Sn-Cr and Ti-Mn-Fe. [14], [15]

Addition of small amounts of Fe has several advantages for Ti alloys processing [16],
[17]: Fe promotes the (3 phase stabilisation allowing the decrease of the Nb content required;
it improves the sinterability of Ti alloys since it accelerates mobility of Ti atoms by rapid Fe
diffusion; Fe increases the Ti auto-diffusion coefficient [18], which could enhance the Nb
diffusion process, promoting a homogeneous microstructure; and, finally, Fe is a low-cost
material, considered non-toxic and biocompatible, so substituting Nb with Fe fraction can
contribute to the cost reduction of the alloy. Both Fe and Nb are non-toxic and biocompatible
-stabilizer elements, so they can be promising alternatives to develop novel low elastic

modulus Ti alloys [19].

For Ti-xNb alloys, two Nb additions were selected that allow obtaining: 1) a biphasic
(a+P) microstructure, similar to that exhibited by Ti6Al4V alloy, commonly used in the
manufacture of the hip implants; and 2) a microstructure composed mainly by 3-Ti phase. It
has been reported in the bibliography [4], [20], [21], that around 10-15 wt.% of Nb leads to a
biphasic microstructure, with alpha phase as the dominant phase; while for Nb content
above 35 wt.%, the Ti alloy becomes entirely (-Ti phase. Based on the literature,
compositions containing Ti-12 wt.% Nb and Ti-40 wt.% Nb were considered as starting
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compositions for Ti-Nb system. Figure 4.1a shows the phase diagram obtained for Ti-xNb
system and Figure 4.1b the Ti-5Fe-xNb system using Thermocalc © software.

This work attempts to evaluate the effect of 5 wt.% of Fe on Nb-Ti diffusion process.
The addition of 5wt% Fe was selected based on previous studies developed in the research
group [22], [23], which reveal that with a 5 wt.% of Fe addition, Fe remains well dissolved
into the Ti matrix, and there is no formation of TiFe intermetallic. For Ti alloys containing 5

wt.% Fe, a strengthening effect was observed, as well as an increase of the (3-Ti fraction

compared to pure Ti alloy.

Composition for Ti-5Fe-xNb was chosen according to the fraction of the alpha and
beta phase theoretically expected at 400 °C in the phase diagrams of the Ti-Nb and Ti-5Fe-

Nb (Figure 4.1) obtained by thermodynamic simulation, with Thermocalc © software using
Ti alloys database V3.1 (TTTI3).

1400 1400
1300 1300
1200 1200
1100 1100
o B g p
< 1000 3 1o
[ -1
5 !
=
w900 ® 900
- b=
] 19)
o o
g 800 & 800
1) )
= =
700 700
500 28 500 o+ ﬁ
o
500 ﬁ 500
. +B+T1i
7\ o + TiFe [0.8 ﬁ TiFe
4

00 400
10 20 30 40 50 60 70 80 90 100 il 10 15 20 25 30 33 40
A T Weight percent Nb (wt.%) A Ti5Fe Weight percent Nb (wt.%)

(a) (b)

Figure 4.1. Phase diagram for: a) Ti-xNb and b) Ti-5Fe-xNb system. Obtained by Thermocalc software
using Ti alloys database V3.1 (TTTI3).

The aim is to obtain the highest 3 phase fraction, decreasing Nb weight percentage.
First, the amount of 3 phase was determined for the starting compositions of Ti-12Nb and
Ti-40Nb at 400 °C. Then, Ti-5Fe-Nb system was evaluated in order to determine the Nb
amount needed to achieve a similar 3-phase fraction to Ti-40Nb composition at the same
temperature of 400 °C.

Table 4.1. summarises the phase fractions and beta transus temperature expected for
each alloy, as predicted by Thermocalc ©. For Ti-40Nb, the maximum {3 phase fraction is 27%
approximately, according to phase diagram results. Hence, the alloy that allows reaching a
similar fraction of 25% of B phase is Ti-5Fe-25Nb. Moreover, a noticeable beta transus
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temperature reduction with respect to unalloyed Ti can be observed, due to the Nb addition.
Beta transus is reduced at least 100 °C bellow for the alloy containing Ti-12Nb, and until 287
°C for alloy Ti-5Fe-25Nb.

Table 4.1. Estimated parameters for Ti-Nb and Ti-5Fe-Nb obtained by Thermocalc at 400 °C.

Phase fraction (wt. %)

Samples ~Ti 6T Btransus (°C)

Ti-12Nb 93.8 6.2 775

Ti-40Nb 73.2 26.8 650
Ti-5Fe-25Nb 75.1 24.9 595

4.3. Thermal behaviour during titanium hydride

decomposition.

4.3.1. Effect of alloying elements on thermal decomposition of

titanium hydride.

Figure 4.2 shows the DTA results of the powder samples. For comparison proposes,
an unalloyed TiH2 curve has been plotted alongside the powder mixtures in all cases. Table
4.2 summarises the temperatures of interest for each decomposition stage obtained from
DTA tests. DTA curves exhibit a typical decomposition behaviour for TiHz. Overall, for all
samples and compositions, two reactions can be distinguished, represented by two intense
and discernible endothermic peaks between 450-625 °C. The temperature of these peaks
coincided with local maximums of hydride decomposition reaction and hydrogen release
rate. The last stage observed, corresponding to a slight shoulder (marked with an arrow)
around 630-870 °C, is associated with the third decomposition stage. Changes in the third
stage were subtle since the amount of remaining hydrogen was very low to produce
significant differences in this temperature range. Moreover, diffusion of the alloying
elements (Nb and Fe) could occur close to this range of temperature. Hence, two processes

might be taking place simultaneously, which could overlap.

According to literature, the whole TiHz decomposition takes place between 380-800
°C approximately [24], [25]. Reported data of accurate temperature of dehydrogenation
stages, as well as the corresponding phase transformation, can differ. This is because there
is a strong dependence on samples’ characteristics such as the powder purity, samples mass,
powder particle size, surface contamination, and experimental techniques employed, like

heating rate, atmosphere, etc.
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Liu et al. [26], Kennedy [27], and Ma et al. [28] proposed that dehydrogenation occurs

with the following sequence (Equation 4.1)

s(riy) 322l y s(rin,) 25y p(ri), 22y g(7i), + a(T0), 228V o(Ti)  Equation 4.1
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Figure 4.2. Comparison of differential thermal analysis (DTA) curves between TiH: and mixtures
of powders under high purity argon atmosphere heated at 10 °C/min. (a) TH-Fe (5 and 7 wt. %); (b)
TH-ND (12, 25, 40 wt. %); (c) TH-Nb-Fe (25 wt. % Nb and 5, 7 wt. % Fe) and (d) TH-Nb-Fe (40 wt.
% Nb and 5, 7 wt. % Fe).

In the beginning, hydrogen atoms are released and change their position randomly
from tetrahedral to octahedral interstitials sites, but keeping the initial FCC structure of d-
TiH: (stage I). During stage II, as hydrogen is lost, the d phase is gradually transformed to a
B-Ti phase that is hydrogen-rich (3-Tiun) with a BCC crystal structure. In stage III, hydrogen
is continuously released from B-Tin, and a-Tin begins to form when the hydrogen amount is

low enough. Overall, during stages II and III, the highest conversion of titanium hydride
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takes place, achieving up to 80% of dehydrogenation. These stages are usually quick and
intense; they may occur, simultaneously, between 500-700 °C [26]. The phase transformation
model is like a core-shell structure, where d (TiHx) constitutes the nucleus; the intermediate
layer corresponds to 3-Tin and external layer is a-Tiu. Finally, complete a-Ti transformation
occurs, which means that complete hydrogen elimination is produced in the last stage, but
this stage is very dependent on the surface features. It has been reported that the formation
of a slight oxide layer on the particles surface could hinder complete dehydrogenation [26],
[29], [30].

Table 4.2. Transformation temperatures found during the dehydrogenation process

analysed by differential thermal analysis (DTA).

Temperature (°C)

Sample Stage 1 Stage 11 Stage 111
Onset Peak Onset Peak Onset Offset

TiH2 (TH) 475 510 555 592 650 830
TH-5Fe 395 500 555 623 700 880
TH-7Fe 385 500 555 620 700 875
TH-12Nb 380 470 535 600 645 850
TH-25Nb 385 490 545 613 645 870
TH-40Nb 390 480 540 596 630 830
TH-5Fe25Nb 410 485 535 585 645 815
TH-7Fe25Nb 405 495 542 695 630 840
TH-5Fe40Nb 420 487 535 608 635 855
TH-7Fe40Nb 425 490 545 600 630 845

Several authors only agree on the first decomposition stage, where the progressive
loss of hydrogen is produced, keeping the FCC structure. Another approach [31], [32] claims
that the TiHz decomposition occurs through the & (TiHx) transformation to a-Ti on the
particle surface. In this case, the phase structure changes from FCC to HCP.

The dehydrogenation process did not seem considerably modified by the addition of
different amounts of Nb and Fe, either by elemental or combined addition, considering that
for all samples, the three stages of the dehydrogenation process could be observed (Figure
4.2). However, the addition of alloying elements was found to accelerate the beginning of
the reaction during the first stage: Both onset and peak temperatures were shifted up to 95
°C and 40 °C below the correspondent values for the unalloyed material. (Table 4.2); whereas
the temperature of stage II was maintained similar to that of TiH: for all samples with a
variation of +25 °C. Finally, it can be seen that the dehydrogenation process for mixtures of
powders finished at higher temperatures compared to pure TiH-. This factor suggests that
the alloying elements could act as a barrier to the removal of the remaining hydrogen. The
last theoretical dehydrogenation reaction (stage IV), where the transformation (fu + an) to
a-Ti phase takes place, was not expected to happen for the alloyed samples due to the
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presence of a high quantity of beta-stabiliser elements incorporated, which reduce the beta

transus temperature considerably with respect to unalloyed Ti (See Table 4.1).

On the other hand, as observed in Figure 4.2, a slight endothermic peak between 850-
950 °C for TiH2 can be seen, which corresponds to theoretical o — 3 transformation (882 °C).
No a — 3 transformation was observed for samples of the Ti-Nb and Ti-5Fe-Nb systems.
The a — 3 transformation was expected to occur at lower temperatures due to Fe and Nb
addition, as well as the possible remaining hydrogen. Hydrogen is frequently used in Ti
alloys processing as a temporary alloying element for improving the workability of the alloy
[33]. Therefore, the absence of this slight endothermic peak in all powders that contained Fe
and Nb alloying elements could be attributed to the o« — B transformation taking place at

lower temperatures and overlapping with the second stage of dehydrogenation process.

At higher temperatures, around 1090 °C, an exothermic reaction for TH-7Fe (detail
in Figure 4.2a) was produced, which was associated with the formation of intermetallic TiFe
[23]. In the case of TH-5Fe, there was no evidence of this reaction. This could indicate that 5
wt. % Fe was not enough to promote TiFe formation. During cooling, reverse reactions to
those produced during heating were not observed, due to the irreversibility of Ti-Fe reaction,
and the stability of the (3 phase.

4.3.2. Shrinkage evolution during the dehydrogenation process.

In order to understand the behaviour during TiH> decomposition and sintering of
base Ti alloys, dilatometry experiments were carried out for all compositions. Figure 4.3
plots the dilatometric curves. In all diagrams, a curve for pure TiH: is included as a reference.
According to Wang et al. [30], densification behaviour of TiHz2 compounds is a consequence
of two factors: (1) The volume change caused by the high density of dislocations and
vacancies due to the dehydrogenation process, which increases diffusion rates. (2) The
cleaning effect of the hydrogen atoms released which can remove a fraction of oxygen of the
Ti surface and promote sintering densification. In this work, the effect of the addition of 3-
stabiliser elements, like Nb and Fe, on dehydrogenation and densification processes is

evaluated.

Samples with a lower amount of alloying elements (TH-5Fe, TH-7Fe, and TH-12Nb)
presented similar shrinkage to unalloyed TiHz. As the content of alloying elements increased,

shrinkage was considerably modified as compared to pure TiH-.

In the beginning, all samples exhibited expansion up to 500 °C; this coincides with
stage I of TiH2 decomposition. This extension could be attributed to the increase of the lattice
parameter of d-TiHx due to the thermal expansion coefficient change as the temperature
increased, as well as to the lattice defects generated by hydrogen removal.
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Figure 4.3. Dilatometric curves for compact powders. Analyses were performed under a high-
purity argon atmosphere, heating at 10 °C/min. (a) TH-Fe (5 and 7 wt. %); (b) TH-Nb (12, 25, 40 wt.
%); (c) TH-Nb-Fe (25 wt. % Nb and 5, 7 wt. % Fe) and (d) TH-Nb-Fe (40 wt. % Nb and 5, 7 wt. %
Fe).

In Figure 4.3a, it can be seen that expansion was followed by a drastic increase of
shrinkage rate up to 600 °C. This agrees with stage II of TiH> decomposition, which is the
most intense step of the dehydrogenation process and produces a quick shrinkage of the
samples due to the higher amount of hydrogen released. During this stage, the
crystallographic structure changed from FCC (d-TiHx) to BCC (B-Tix), which also contributed
to the change in volume due to solute atoms’ rearrangement. Taking into account the
diffraction patterns obtained from the International Centre for Diffraction Data (ICDD)
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database for 0-TiHx (03-065-0934) and [3-Ti (01-089-4913), which have lattice parameters of
4.450 A and 3.283 A, respectively, an approximate calculation of the shrinkage expected
could be made. According to these lattice parameters and the number of atoms in the unit
cell of each crystal structure, one-unit cell, FCC (d-TiHx) had a volume of 0.088 nm?, and it
was transformed into two-unit cells BCC (3-Ti), which exhibited a volume of 0.071 nm? (0.035
nm? each one). Hence, with a rough calculation, it could be estimated that this crystal

structure changes involved shrinkage of around 20%.

Between 600 and 800 °C shrinkage occurred at a slower rate, since dehydrogenation
was almost finished. Around 800 °C, a slight slope change could be observed, which suggests
that sintering has started. From 800 °C onwards, the shrinkage observed could be related to
the neck formation between Ti particles. Results indicate that Fe addition promotes sample
densification since TH-7Fe showed higher contraction value than TH-5Fe and TiHz. Samples
TiH> and TH-5Fe reached a shrinkage of 8% and 8.5%, respectively, while 10.2% was
achieved for sample TH-7Fe. This fact may have been caused because Fe increases self-
diffusion coefficient of Ti, which enhances the sinterability [34]; furthermore, the small
particle size of the Fe employed (Fe-2; Dso 3—-4 um), and its spherical morphology, improves
filling of empty spaces between TiH: particles, promoting better sample densification.
Globally, TH-7Fe sample exhibited 24% higher shirnkage than pure TiH: and 18% higher
than sample TH-5Fe. The possibility of formation of TiFe with the addition of 7 wt. % should

be taken into account since it could be undesirable due to its brittle nature.

Concerning the Nb addition effect, Figure 4.3b indicates that as the Nb amount
increased, the percentage of shrinkage decreased, which was expected because as TiH:
content decreases, the sample contraction is lower, too. The linear shrinkage values
correspond to 7%, 3.8%, and 2.2% for TH-12Nb, TH-5Fe-25Nb, and TH-40Nb, respectively.
Sample TH-12Nb exhibited similar behaviour to TiH:, although a decrease of the shrinkage
rate from 650 °C (after stage II) could be noted. For samples TH-25Nb and TH-40Nb, after
the initial expansion observed (stage I), the shrinkage rate was more subtle than for TiH>,
which suggested that Nb could delay or inhibit the TiH> decomposition process. On the other
hand, around 900 °C a shoulder could be observed, which became more evident as the Nb
amount increased. This could be related to the diffusion process of Nb into the Ti lattice. It
has been reported that the interdiffusion coefficient of Ti-Nb decreases over 2—4 orders of
magnitude with an increase in the Nb amount [35], [36]. According to the Ti-Nb phase
diagram, BCC-Nb and BCC-Ti are completely soluble over 900 °C; therefore, from this

temperature onwards, diffusion processes were faster with the increase in temperature [6].

Figure 4.3¢,d shows the influence of Fe addition on the alloys with higher Nb content
(25 wt. % and 40 wt. %, respectively). These alloys suffered smaller shrinkage than unalloyed
TiHz and the influence of Nb combined with Fe was not clear. An expansion of 0.6% was
found at 1000 °C for sample TH-5Fe25Nb, whereas TH-7Fe25Nb reached an expansion of
0.8%, which was delayed until 1250 °C. For samples containing 40 wt. % of Nb, expansion of
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1% was observed just for TH-5Fe40Nb around 1075 °C, while TH-7Fe40Nb showed
shrinkage behaviour similar to TH-40Nb. Further tests are necessary in order to understand
the effect of the simultaneous addition of Nb and Fe.

Despite the fact that the starting temperature of dehydrogenation stages is shifted
with alloying elements addition, decomposition behaviour did not seem to be modified
significantly for the rest of the stages with respect to respect to unalloyed TiH: (as shown in
Section 4.3.1). The final sample densification was considerably affected by the incorporation
of the alloying element since both Fe and Nb had different and opposite interactions with Ti
particles (once TiH2 was decomposed): while Fe promoted sinterability and therefore, final
densification increased; Nb, owing to its large atomic size and poor diffusion rate, impeded

the densification.

4.3.3. Comparison of mass loss during the dehydrogenation process

under different environments.

Mass losses of samples tested under argon (TGA analysis) and in vacuum conditions
(VAC, heat treatment in a tubular furnace) are shown in Figure 4.4a,b, respectively. In both
cases, the mass loss percentage is in accordance with the TiH: fraction present in each
composition. So, TiH: exhibited the highest mass loss of 3.9%, while, as the amount of
alloying elements increased, mass loss decreased. Thereby, the most alloyed composition,
TH-40Nb, showed the lowest mass loss of 2.5%.

Table 4.3 summarises the relative weight loss achieved in both environments, which
was related to the total amount of hydrogen according to the initial TiH> powder in each
mixture. It was noticeable that at low temperature, while the dehydrogenation process took
place (up to 800 °C approximately), samples evaluated under vacuum condition reached

higher weight loss compared to samples treated in argon flow.

Table 4.3. Relative hydrogen weight loss (%) for treated samples heated in Thermogravimetric
analysis (TGA) and Vacuum treatments (VAC) test.

Samples 400 °C 500 °C 650 °C 800 °C 1100 °C
TGA VAC TGA VAC TGA VAC TGA VAC TGA VAC
TiH:-(TH) 2.3 16.7 1.7 76.8  66.3 989 89.1 998 948 99.1
TH-5Fe <1 14.9 9.9 747  57.1 90.6 87.8 974 977 981
TH-12Nb 59 18.4 9.5 84.0 587 973 838 977 899 981
TH-40Nb <1 247 150 928 709 9.0 939 99.7 984 99.7

TH-5Fe25NDb 8.5 14.0 7.0 84.6 629 979 867 983 90.6 98.0

No observable mass loss was found at 400 °C in argon flow for all samples, while in
high vacuum at least 14% of hydrogen loss for TH-5Fe25Nb was reached. At 650 °C, almost
all hydrogen contained in the samples was released for VAC samples: Sample TH-5Fe
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reached hydrogen loss of 90.6% under vacuum, while with argon it reached 57.1%. Finally,
from 800 °C onwards, mass loss became stable for vacuum samples while for samples in
argon, hydrogen was still being released. The amount of hydrogen retained on the samples
TH-5Fe, TH-12Nb, and TH-5Fe25NDb could be attributed to formation of a slight oxide layer
on the particle surface, which interferes with complete degasification. The formation of this
oxide layer was highly likely due to the inherent nature of Ti, and has been previously
reported in the literature [26], [29]-[31].According to results, dehydrogenation occurs faster
under vacuum than in argon flow; this is due to the fact that hydrogen released during the

decomposition process is continuously removed when the samples are under vacuum.
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Figure 4.4. Mass loss for the compositions prepared, obtained by (a) Thermogravimetric analysis
(TGA) of mixtures of powders (samples measured under argon flow of 80 mL/min) and (b) Vacuum
treatments (VAC) of compact samples (samples treated under high-vacuum conditions).

Moreover, the heating rate during dehydrogenation is an important aspect to
consider. Many researchers have reported that a lower heating rate promotes an effective
dehydrogenation process [26], [28]. Tests in argon flow were carried out with a heating rate
of 10 °C /min, while in vacuum, a rate of 2 °C/min was employed. Hence, the sum of these
observations suggests that both lower heating rate and high-vacuum sintering enhanced the
dehydrogenation process, promoting an effective hydrogen elimination. In all cases, the
addition of alloying elements did not hinder the achievement of full dehydrogenation, even

when the starting and ending temperature of the reactions could be slightly shifted.

4.3.4. Microstructure evolution during the TiH> decomposition.

The microstructural evolution during the dehydrogenation process of TiH: and TiH-
alloys heated from 400 to 1100 °C is explained below. Figure 4.5, Figure 4.6,Figure 4.7, Figure
4.10 and Figure 4.11 show the microstructures of the five compositions heat-treated at 400 °C,
500 °C, 650 °C, 800 °C and 100 °C, respectively. .
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Figure 4.5. Scanning Electron Microscopy images in backscattered electrons mode (BSE-SEM) for samples treated at 400 °C: (a) TiHz (TH); (b) TH-5Fe; (c) TH-12Nb;
(d) TH-40Nb; and (e) TH-5Fe25Nb.
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Figure 4.6. Scanning Electron Microscopy images in backscattered electrons mode (BSE-SEM) for samples treated at 500 °C: (a) TiHz (TH); (b) TH-5Fe; (c) TH-12Nb;
(d) TH-40Nb; and (e) TH-5Fe25Nb.
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Figure 4.7. Scanning Electron Microscopy images in backscattered electrons mode (BSE-SEM) for samples treated at 650 °C: (a) TiHz (TH); (b) TH-5Fe; (c) TH-12Nb;
(d) TH-40Nb; and (e) TH-5Fe25Nb.



At 400 °C (Figure 4.5), no significant changes were found in the microstructure with
respect to green compacts. The samples seem to be composed of titanium hydride particles,
Nb, and Fe (for TH5Fe and TH5Fe25Nb). All samples maintain their original morphology
induced by the pressing process. Due to the brittleness of titanium hydride, smaller broken
particles can be seen filling the spaces in-between the bigger particles. According to the
results reported in Table 4.3, samples at 400 °C achieved a weight loss between 14% and 25%
of hydrogen, which suggests dehydrogenation had already started. This fact suggests that
samples at 400 °C were composed of a nonstoichiometric titanium hydride, TiHx, were x is

referred to a fraction between 1 and 2.

At 500 °C (Figure 4.6), needle-like structures were found, forming from the outside
towards the interior of the hydride particles. These needles could be associated with the first
transformation of titanium hydride to a-Ti. Besides this, no interaction signs of alloying
elements with titanium hydride were found, and particles seemed to be closer together than
at 400 °C, which agrees with the dilatometric curves (Figure 4.3) that show initial shrinkage
took place among 400-500 °C. Furthermore, samples heated up to 650 °C (Figure 4.7) show
a drastic increase in densification. Shrinkage observed at 500 °C and 650 °C coincides with
the linear shrinkage calculated for the samples heated under vacuum, as it can be seen in
Figure 4.8, where there is a slight increase in contraction at 500 °C followed by a more
pronounced shrinkage, reaching 4.5% for TiH: and TH-5Fe, 3.8% for TH-12Nb, 3% for TH-
5Fe25NDb and 1.8% for TH-40Nb. Samples containing a higher amount of TiH: had higher
contraction values as well. Hence, it can be confirmed that achieved densification was due

to the dehydrogenation process.
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Figure 4.8. Linear shrinkage for samples heated under VAC conditions at different

temperatures.

On the other hand, at 650 °C, alpha needles were no longer visible, suggesting that
complete transformation took place during the dehydrogenation until all the structure of
alloyed samples was composed of mainly a-Ti matrix with few H-rich regions (darkest spots
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indicated by orange arrows in Figure 4.7). Both densification and a-Ti transformation were
expected since it has been reported that around 600-650 °C, most of the hydrogen is released,
and samples are mainly composed of a-Ti [26].

The transformation from TiH: to a-Ti phase was not in accordance with the
mechanism previously proposed in Equation (1), in which, at this temperature (around 650
°C), the transformation from TiHx to 3-Ti was expected instead of transformation to a-Ti. In
this case, alpha phase may appear during cooling since the heating of samples treated under
vacuum conditions was stopped at specific temperatures and samples were cooled down for
microstructural observation, also stopping the decomposition reaction. Hence, the -phase
obtained from the dehydrogenation process, according to the transformation process
suggested, was reverted to a-Ti phase during cooling, which was not fast enough to maintain

the B-phase microstructure.

In addition, it can be seen that the Fe particles were surrounded by a brighter ring
that indicated that the diffusion processes between Fe and Ti had started. This effect is shown
in detail for TH-5Fe in Figure 4.9. Fe diffusion in «a-Ti is unlikely since the maximum
solubility of Fe in a-Ti is lower than in 3-Ti, 0.047 and 17 wt. %, respectively. Besides, it is
known that diffusivities of Fe in 3-Ti is around four orders of magnitude larger than in a-Ti
[37]. So, B-Ti might have been stabilising around the Fe particles, even when the temperature
was significantly lower than the (3 transus temperature expected (775 °C) according to Ti-Fe
phase diagram for 5 wt. % of Fe (See Table 4.1).
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Figure 4.9. BSE-SEM image for TiH2-5Fe heated up to 650 °C: Detail of Fe diffusion. Black spots
correspond to pores.

This early B-Ti phase transformation could also be attributed to the presence of
remaining hydrogen. Hydrogen is used as a temporary alloying element in the processing
of Ti alloys since it can modify the phase composition, microstructure by controlled diffusion
of other alloying elements in a hydrogen environment [33]. According to the Ti-H phase
diagram, the 3 transus temperature was reduced from 882 °C for pure Ti to 300 °C for Ti
alloy containing 39 at. % of hydrogen [38]. Hence, it is possible that a small amount of
hydrogen could be enough to promote the (3-phase stabilisation at lower temperatures.
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Evidence of alpha needles could still be found for TH-5Fe (Figure 4.9), while no signs
were found for TH-5Fe25Nb. This suggests that the presence of Nb could accelerate the
dehydrogenation reactions allowing us to obtain a higher amount of 3-Ti phase at the same
temperature. This agrees with DTA results (Figure 4.2 and Table 4.2), where a decrease in

the peak temperature for samples containing Nb was observed.

Above 800 ° C, it can be considered that the remaining hydrogen content present in
the samples at 650 °C was released, and the reaction TiH, — Ti + H, T was completed. Figure
4.10 displays the microstructure obtained for samples treated at 800 °C.

In the case of pure TiH>, the sample appears to be composed for a single a-Ti phase.
On the other hand, TH-5Fe exhibits two different contrasts which correspond to two phases:
the darker regions correspond to the a-Ti matrix, and the brighter ones related to (a+{)-Ti
phase, which suggests Fe has been dissolved into Ti. The rest of the alloys (TH-12Nb, TH-
40Nb and TH-5Fe25Nb) show evidence of neck formation between Ti particles and Ti-Nb
particles (marked as A and B, respectively). In addition, in these alloys, three different zones
can be distinguished: (1) Ti matrix mainly composed by a-Ti phase, identified by dark grey
zone (Point C); (2) bright particles which correspond to Nb (Point D), and (3) light grey
region, where the diffusion of Nb atoms into Ti matrix was taking place (Point E), hence, this
zone would correspond to Nb-rich 3-Ti phase. For sample TH-5Fe25Nb, this light grey
region is also associated with the 3-Ti phase formed by Fe diffusion.

It has been reported that complete Fe diffusion into Ti matrix occurs above 1080 °C
for Ti-5 wt. % Fe; and almost no interaction between Ti-Fe particles was observed at 950 °C
[18], [34], [39]. Besides, another study reported by Esteban et al. showed evidence of
undissolved Fe particles at 900 °C for Ti alloy containing 7 wt.% Fe [22]. However, in this
work, there were no signs of Fe particles at 800 °C; they had already been dissolved into Ti
matrix. This could be related to hydrogen released from hydride powder having a cleansing
effect on the particle surface, which not only allowed protecting Ti from getting oxygen but
also increased the chemical activity of the Ti particles” surface, allowing a reduction of the

temperature of the initiation of both sintering and diffusion processes [1], [40].

It was surprising that the porosity increased from 600 °C to 800 °C for alloyed
samples. Nevertheless, this behaviour coincided with the expansion observed for alloyed
samples in Figure 4.3. The expansion was more significant as a higher amount of alloying
elements was incorporated. This could be associated with the formation of Kirkendall
porosity, which is a result of the difference of intrinsic diffusion coefficient among the
constituents of the alloy, forming a solid solution [41]. Kirkendall effect is a phenomenon of
interdiffusion in substitutional alloys, where the difference on mass transfer involved in the
interdiffusion process causes the diffusion couple (in this case Ti-Nb and Ti-Fe) to contract

on one side and to swell the other side, inducing stress and could also generate porosity.
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Figure 4.10. Scanning Electron Microscopy images in backscattered electrons mode (BSE-SEM) for samples treated at 800 °C: (a) TiHz (TH); (b) TH-5Fe; (c) TH-12Nb;
(d) TH-40Nb; and (e) TH-5Fe25Nb



Interdiffusion processes depend strongly on the composition or amount of the
alloying element. For Ti-Nb couple, the interdiffusion coefficient decreased 2 or 3 orders of
magnitude as Nb content increased from 0 to 40 at. %. of Nb [6], [36]. Even though it has
been reported that Fe increases the interdiffusion coefficient of Nb into Ti [42], self-diffusion
of Ti seems to be controlling the diffusion during sintering. This might be explained due to
the difference in melting points between the constituents Ti and Nb. Ti has a lower melting
point than Nb; hence, Ti exhibits higher vacancy concentration and diffusion mobility,
promoting the self-diffusion of Ti instead of the interdiffusion among Ti-Nb. Hence, high
porosity around Nb particles can be observed. On the other hand, Kirkendall porosity could
be formed by the diffusion couple Ti-Fe and/or Ti-Nb due to difference in diffusion rates.
However, considering the low amount of Fe added with respect to Nb, it is more likely that
the high porosity observed in the SEM images could be generated mainly by the Ti-Nb

couple.

Microstructure for samples heated at 1100 °C is displayed in Figure 4.11. In general, the
diffusion processes are activated and promoted as the temperature increases. Hence, for pure
TiH> and TH-5Fe samples, a homogenous microstructure it can be seen, as was as a
significant porosity reduction. TiH> sample is composed of a single a-Ti phases. The
microstructure of TH-5Fe was found to be composed of primary alpha regions, and coarser
biphasic (a+f3) areas than those observed in samples at 800 °C due progress in the diffusion

processesas temperature increases.

For samples containing Nb, significant changes in Nb diffusion were observed.
Improvement on the neck growth between the Ti and Nb particles was seen, allowing a
reduction of porosity compared to samples treated at 800 °C; however, a strong Kirkendall
effect was maintained. Undissolved Nb particles surrounded by a diffusion region were
found; so, Nb diffusion into Ti matrix was still taking place. This suggested that neither
temperature nor sintering time (1100 °C, 5 min) were enough to complete both the diffusion
of Nb and sintering of the alloy in order to achieve a higher amount of 3-Ti phase, high

densification and a homogeneous microstructure.

Sample TH-12Nb is composed of typical laminar (a+3) microstructure, where thin
needles can be observed surrounding the undissolved Nb; which become coarser as they are
further away from Nb particles. In contrast, isolated a-Ti needles in some areas of the
samples were also observed for TH-40Nb and TH-5Fe25NDb, which could be associated with
the incomplete Nb diffusion. Besides, microstructures suggest that Nb diffusion in TH-
5Fe25Nb is better that than TH-40Nb; this fact could be related not only to the lower Nb
content but to the fact that Fe contributes to improving sintering and diffusion in Ti alloys,
since it increases the self-diffusion coefficient of Ti.

Microstructures of the obtained samples were compared with Ti-Nb samples
produced by casting [21], [43]-[45]. The main difference between Ti-Nb alloys produced by

Study of titanium hydride decomposition | 109



G (b) (©)

) (e)

Figure 4.11. Scanning Electron Microscopy images in backscattered electrons mode (BSE-SEM) for samples treated at 1100 °C: (a) TiHz (TH); (b) TH-5Fe; (c) TH-
12Nb; (d) TH-40Nb; and (e) TH-5Fe25Nb.



casting and PM was that the 3 phase seems more homogeneous for PM alloys and a’” phase
formed during cooling for cast-alloys was not observed in PM alloys. Since the
microstructures obtained in this paper were not optimised in terms of complete sintering, it
was difficult to assess the differences with fully sintered samples reported in the
bibliography [13], [46], [47]. Nevertheless, similar findings were reported by Sharma et al.
[48] and Hosnie et al. [49] for Ti-40 wt. % Nb alloy, processed from TiH: as starting powder
produced by press and sinter process. Both cases highlight the incomplete Nb diffusion at
temperatures between 1100 and 1200 °C, the presence of a diffusion zone with unreacted Nb
particles surrounded by a -Ti matrix, and some a-needles mainly located at the grain

boundaries.

4.3.5. Effect of Fe and Nb alloying elements on phase evolution

during dehydrogenation process.

Figure 4.12 shows the XRD patterns of the alloys after heat treatments from room
temperature up to 1100 °C. Similar results were found between all compositions evaluated.
At room temperature, as expected, TiHz, Fe, and Nb were identified by XRD patterns.
Diffraction patterns were obtained from the International Center for Diffraction Data (ICDD)
database for FCC-TiH2 (ICDD 03-065-0934), BCC-Nb (ICDD 01-089-5157) and BCC-Fe (ICDD
00-006-0696).

It is complicated to determine the exact sequence of hydrides formed during the
entire dehydrogenation process, even employing high-temperature XRD analysis because
this reaction is fast and takes place in a narrow interval of temperatures [32], [50]. However,

the main stages of the process could be followed, as described below.

At 400 °C, FCC d-TiH2 was transformed into FCC-TiHis (ICDD 01-078-2216), which
coincided with the first decomposition stage. For composition TH-40Nb, small peaks of TiH
(ICDD 00-040-1244) were also identified; suggesting the hydrogen removal took place

slightly faster than the other compositions evaluated.

Afterwards, as temperature increased (500 °C), part of TiHis was transformed into
HCP-a-Ti phase (ICDD 01-089-4893). It can be observed that the peak intensity of TiHiswas
reduced, while peaks of a-Ti phase started to appear, which was confirmed by the needles
found in the SEM images (Figure 4.6) that corresponded to a-Ti. Small peaks of TiH phase
are still present in sample TH-40Nb.

Peaks of alpha phase at 500 °C did not agree with the transformation sequence proposed
before (in Equation 4.1), which suggests that §(TiHx) is transformed to B(Ti)u. However, this
was attributed to the fact that these samples were analysed after cooling; thus, the fraction
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Figure 4.12. X-ray diffractograms showing the evolution of phases transformations as function of
temperature from room temperature to 1100 °C by: (a) TiHz (TH); (b) TH-5Fe; (c) TH-12Nb; (d) TH-

40Nb; and (e) TH-5Fe25Nb.
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of beta transformation reached up to that stage was reverted to alpha phase during cooling,
when FCC to HCP phase transformation occurs. It is essential to consider that the pattern
diffraction obtained did not correspond to the phase transformation sequence since the high-
temperature reaction was interrupted to perform the XRD measurement at room
temperature. Hence, intermediate phases that were formed during dehydrogenation, at a
specific interval of temperature, could have been reverted to another phase stable at a lower

temperature.

At 650 °C, no signs of any kind of titanium hydride were observed. Samples are
mainly composed of a-Ti phase and the alloying element. Alloy TH-40Nb shows peaks of 3-
Ti phase (ICDD 01-089-4913), due to its high Nb amount. This transformation coincides with
the value of the Buansus temperature of 650 °C predicted for this alloy (Table 4.1).

As temperature increases to 800 °C, pure TiH2 sample is composed of single a-Ti
phase. Moreover, evidence of Fe peaks disappears for samples TH-5Fe and TH-5Fe25Nb.
Diffractograms reveal that 3-Ti phase starts to appear for all alloyed samples; which was
expected since Pransus temperature had been reached (Table 4.1). Both 3-Ti phase formation
and lack of Fe presence, were corroborated in the SEM images (Figure 4.10), where it could
seen that Fe particles were completely dissolved into Ti matrix, and a diffusion zone denoted
by brighter regions was observed, identified as 3-Ti phase due to its high concentration of

the alloying element.

Finally, TiHz and TH-5Fe, treated at 1100 °C, are mainly composed of a-Ti phase. The
amount of Fe was not enough to stabilise a significant amount of 3-Ti that could to be
detected by XRD. Nevertheless, SEM images indicate that TH-5Fe has a biphasic

microstructure with primary a-Ti and coarse (a+f3) regions.

For the rest of the alloys, strong peaks corresponding to (3-Ti phase were found. Even
when Nb particles were observed in the SEM images, they were not found by XRD. This
could be explained considering that the remaining undissolved Nb amount was lower than
the detection limit. However, due to the incomplete Nb diffusion it was not possible to obtain
only B-Ti phase. Small peaks of a-Ti phase were also identified for TH-5Fe25Nb, which could
also be related to incomplete Nb diffusion. Therefore, it is necessary to increase both time
and sintering temperature to promote the Nb diffusion and stabilise a higher content of -
Ti.

4.4. Partial conclusions.

From the results shown in this chapter, the following conclusions can be drawn:

1. Using thermal analysis (DTA, DIL), it is possible to follow the in-situ
transformation during the whole dehydrogenation process and assess the effect of
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alloying elements. In contrast, for samples heated until a determined temperature and
then cooled down (VAC), the dehydrogenation reactions were interrupted, and some
phase transformations could not be identified since they were reverted during cooling.

The following reactions were identified for unalloyed TiH: using conventional XRD:

§(TiHys)
§(TiHz) —20°C, §(TiHys) —550°C, 4~ _650°C (Ti)
a(Ti)

This transformation sequence was modified with the addition of Fe and Nb as
alloying elements. The presence of these alloying elements reduced the beta transus
temperature considerably. Hence, it is suggested that B — a reaction described in
Equation 4.1 did not occur. Once d-TiHx was transformed into (3-Ti, this phase was
maintained. It became more stable as temperature increased, and Fe and Nb diffusion was

produced, which allowed stabilisation the 3-Ti phase after cooling.

The following transformation sequence was proposed for alloyed TiH2 with Fe and

Nb during continuous heating:

_ _ 550- _ _ 800- _

S(TiH:) aopec S(TiHLD)  gague BTN+ B(TDreren yppoe  BCTDH+
+ > + > + —— > B(Ti)rericnt+

Fe+Nb Fe+Nb Fe+Nb B(Ti)nbricn+Nb

2. Fe was dissolved into Ti matrix at a lower temperature than when using Ti
powders as starting material. Hence, dehydrogenation allowed chemical activation of
the particle surface, promoting an earlier diffusion of the alloying elements. The small
amount of hydrogen retained on the last dehydrogenation stage could have promoted
the earlier diffusion of elements that exhibited higher diffusivity in BCC-Ti than HCP-
Ti.

3. Fe and Nb addition shifted the temperature of the initial and final stage of the
dehydrogenation process with respect to unalloyed TiHoa.

On the one hand, Fe and Nb accelerated the beginning of the decomposition
reaction, reducing the onset temperature of the first stage between 50-95 °C lower than
TiHz. On the other hand, Fe and Nb could act as a barrier to the removal of the remaining
hydrogen content retained in the Ti phase, delaying the offset temperature of the third
stage between 15-50 °C more than TiHo-.

No significant differences were detected for the intermediate stage (second stage),

which was considered the main decomposition reaction.
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4. The addition of alloying elements such as Fe and Nb, did not hinder the complete

hydrogen elimination; however, they modified the decomposition process.

Addition of 7 wt.% of Fe promotes the sample densification compared to pure TiH:
sample, while no significant differences were observed for 5 wt.% of Fe. In contrast, Nb
acts as a barrier to densification during dehydrogenation. The higher Nb addition, the
lower sample shrinkage. In samples with more than 12 wt.% of Nb, dehydrogenation is
followed by an expansion caused by the Kirkendall effect, which also affects the final

sample densification.

5. After dehydrogenation took place, the growth of initial 3-Ti phase is promoted
by Fe dissolution at 650 °C, which is below than the expected ftransus temperature;

even when some unreacted Nb remains.

6. Large Nb particle size, as well as the large atomic size and poor diffusion rate,

limited the densification; leading the formation of Kirkendall porosity.
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5.1. Introduction.

This chapter describes the processing of three proposed Ti alloys (TH-12Nb, TH-
40Nb and TH-5Fe25NDb) obtained by blending of elemental powders. Processing was
optimised considering three aspects: (1) the influence of heating conditions that promote a
complete and effective TiH> decomposition and transformation to Ti; (2) the sintering
conditions (sintering time and temperature) to promote densification and improve Nb
diffusion, contributing to the microstructure homogenisation and increasing the 3-Ti phase
fraction. (3) the influence of the characteristics of the starting powders, both Fe and Nb. The
effects of processing parameters were evaluated by X-ray diffraction (XRD) and scanning

electron microscopy (SEM). !

In addition to biocompatibility, low elastic modulus and high fatigue resistance are
some of the most important properties that biomedical Ti alloys must exhibit. Due to the
importance of these properties for the performance of this kind of material, they are analysed
and discussed in this chapter. Young modulus was estimated by indentation method,
considering the unloading behaviour, while three-point bending fatigue tests were used to
evaluate the fatigue resistance. The mechanical characterisation was complemented with

Vickers microhardness measurements and simple three-point bending tests.

The presence of precipitates found in some samples, especially at the grain
boundaries, is related to decreasing mechanical properties and mechanical reliability,
causing failure at a lower load than expected. Fractography analysis indicated that these
precipitates affect mainly the performance of TH5Fe254Nb alloy composition. Hence, heat
treatments were carried out to dissolve them to improve mechanical reliability and fatigue

resistance.

To conclude this chapter, biological characterisation was included. For the three
developed alloys, cell morphology, cell proliferation, and mineralisation were evaluated to

validate their bioactivity for further processing stages.

1 Part of the information compiled on this chapter is published in:
Chirico, C; Tsipas, S.; Toptan, F; Gordo, E. “Development of Ti-Nb and Ti-Nb-Fe beta alloys from TiH2 powders”.
Powder Metallurgy,2019, vol. 62, N° 1, pp. 44-53. doi.org/10.1080/00325899.2018.1563953
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5.2. Processing optimisation.

The previous chapter studied how the addition of Nb and Fe affects the titanium
hydride decomposition process, and the sequence of phase transformations that occurred at
different stages of the dehydrogenation process. Complementary, this section evaluates how

the heating rate during titanium hydride decomposition affects the sample consolidation.

This section aims to optimise the processing conditions of Ti alloys produced using
TiHz powder as Ti source. To achieve this, the temperature range in which the hydrogen
removal is more intense (400-600 °C), obtained from the dehydrogenation study performed
in Chapter 4, was considered as the starting point to design sintering cycles. The process
optimisation was performed considering the following parameters: (1) varying the heating
rate (continuous heating, isothermal heating at 500 °C and heating rate reduction between
450 °C and 650 °C); (2) varying the sintering time (between 2 and 4 h) and (3) varying the
maximum sintering temperature (between 1200 °C and 1450 °C). Figure 5.1. displays the
sintering cycles performed.

Heating rate reduction and

Continuous heating Isothermal condition different sintering temperature
—p=C1 c3 1450°C__ A —/—C3
1400 1400 1400 ——c4
1200°C —=C5
_ 1200 % 1200 1200
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Figure 5.1. Sintering cycles carried out for the consolidation optimisation:

C1 (5 °C/min 1200 °C, 2 h); C2 (5 °C/min 700 °C, 1 h- 5 °C/min 1200 °C, 2 h); C3 (5 °C/min 450 °C-2
°C/min (450-650) °C- 5 °C/min 1200 °C, 2 h); C4 (5 °C/min 450 °C->2 °C/min 650 °C- 5 °C/min 1250
°C, 4 h); C5 (5 °C/min 450 °C-2 °C/min (450-650) °C- 5 °C/min 1450 °C, 4 h).

The criteria for choosing the optimal sintering parameters were to achieve complete
TiH2 decomposition, high relative density (densification), and maximum diffusion of the

alloying elements in order to promote a homogeneous microstructure and a high percentage
of 3-Ti phase.

Moreover, for this study, two kinds of Fe and Nb elemental powders were used (See
Section 3.2), and the effect of the particle size of alloying powders was also considered. The
type of powder employed for each sintering cycle is shown in Table 3.5, Section 3.5.
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5.2.1. Effect of heating rate.

The influence of heating rate on the TiH> decomposition was studied for sintering
cycles C1, C2 and C3; Fe and Nb powders labelled as (1) were employed. In these cycles,
both sintering time and temperature were kept constant (1200 °C for 2 h), varying only the
heating conditions during the TiH: decomposition process. The efficiency of the

dehydrogenation process was evaluated by estimating hydrogen loss, which can be seen in

Figure 5.2.
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[ TH5Fe(1)25Nb(1)
< 98-
X
[]
(2]
O 96
C
()
g
5 94-
>
T
92 4
90 -

C1 Cc2 C3
Sintering cycles

Figure 5.2. Hydrogen loss achieved for different sintering cycles, employing different heating
conditions and same sintering temperature (1200 °C).

No appreciable differences in hydrogen loss were found between the sintering cycles
carried out with continuous heating (C1) and the cycle with an isotherm at 700 °C for 1 h
(C2), removing around 93% and 95% of the total hydrogen in both cases. However, it is
noticeable that C3 provides the highest hydrogen loss for the three tested alloys by reducing
the heating rate from 5 to 2 °C/min between 450 °C and 650 °C. This confirms the strong
dependence of the heating rate on the dehydrogenation process [1]-[3] as studied by other
authors. It has been reported that the dehydrogenation process tends to accelerate, reducing
the critical temperatures of the different decomposition reactions, when the heating rate is
reduced. [1], [2], [4], [5]

In Chapter 4, it was found by DTA analysis that the most important reactions of TiHa
decomposition (from d-TiHx to 3-Ti phase, stage II), where most of the TiH: is transformed,
take place between 550 °C and 650 °C (Table 4.2). Additionally, the dehydrogenation study,
under vacuum conditions, shows a drastic mass loss between 400 °C and 650 °C (Figure 4.4),
and XRD results (Figure 4.12) show no evidence of titanium hydride phase above 650 °C.
Therefore, these results suggest that the dehydrogenation process, performed under vacuum

conditions, is almost completed above 650 °C.
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In this chapter, the importance of controlling the heating rate (C3), while the most
relevant changes involved in dehydrogenation occur is established. Reduced heating rate
(from 5 °C/min to 2 °C/min between 450 °C to 650 °C) promotes a higher hydrogen removal
and greater control of TiH> decomposition than that obtained with continuous heating up to

sintering temperature (C1) or with isothermal at 700 °C followed by continuous heating (C2).

5.2.2. Effect of sintering cycles on sample densification.

The differences between the five sintering cycles employed to achieve optimal
consolidation process in terms of densification, phases and homogeneity of microstructure
are presented. For this study, samples were processed using different Fe and Nb powders,
listed in Table 3.1 (Chapter 3). The numbers (1) and (2) followed by the element in the
composition, refer to the Nb and Fe powder type used. Bulk density values obtained for
sintered samples are summarised in Table 5.1. As was expected, density increases as the Nb

amount increases due to its higher density (8.57 g/cm?®) compared to pure Ti (4.51 g/cm?3).

Table 5.1. Bulk density achieved for sintered samples for each sintering cycle (g/cm3).

Samples TD C1 C2 C3 C4 C5
TH-12Nb(1) 178 4.66+0.02  4.66+0.03  4.69:0.02  4.72+0.04
TH-12Nb(2) ' 4.67+0.05  4.730.07
TH-40Nb(1) 55 5.18+0.02  5.12+0.02  5.150.02  5.320.09
TH-40Nb(2) ' 5.20+0.04  5.33+0.08
TH-5Fe(1)25Nb(1) 4.92+0.03  4.83:0.04 4.87+0.09  4.93+0.03
TH-5Fe(2)25Nb(1) 5.24 5.06+0.02  5.19+0.04
TH-5Fe(2)25Nb(2) 5.10+0.03  5.16+0.10

TD: Theoretical density, determined by the rule of mixtures.
(1) and (2) refer to the employed type of Fe and Nb powder, listed in Table 3.5.

For comparative purposes, Figure 5.3 shows the relative density for each alloy for the
corresponding sintering cycle. From these results, it is clear that the sintering cycles with
heating rate reduction during the TiH2 decomposition interval (C3, C4 and C5) provide the
highest density values. This suggests that controlled dehydrogenation improves final

densification. In contrast, sintering cycle C2 provides the lowest relative density values.

Alloy containing 12 wt.% Nb (Figure 5.3a) exhibits the highest relative density
values, compared to the other alloys, regardless of the sintering cycle applied. It can be noted
that TH12Nb alloy sintered under C3 shows higher relative density than C1 and C2, even
though they were sintered at the same sintering temperature and holding time (1200 °C, 2
h). This is in accordance with the results of hydrogen loss (Figure 5.2), where C3 is the most
effective cycle and enhances sintering. Hence, increasing sintering temperature (C4 and C5)
increases density, achieving almost a full density material (around 99%).
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Figure 5.3. Relative density for sintered samples with different sintering cycles: a) TH12Nb; b)
TH40ND and c) TH5Fe25Nb.
(1) and (2) refer to the employed type of Fe and Nb powder, listed in Table 3.5.

The influence of controlled dehydrogenation is not so evident for compositions with
higher Nb amount, since the alloying element diffusion becomes a critical factor in achieving
higher densification. The alloying elements can act as a barrier, hindering the diffusion
processes during sintering, being necessary higher sintering temperature and time to
promote densification. Thus, for TH40Nb(1) and TH5Fe(1)25Nb(1) compositions, increasing
the sintering temperature to 1250 °C and holding time for 4 h (C4) is required to achieve
density values higher than 95% of the theoretical. Comparing the three alloys, Nb content
has a clear influence on the final density achieved regardless of the sintering cycle employed,
decreasing density when increases Nb content: TH12Nb > TH5Fe25Nb > TH40Nb.

These results coincide with several studies performed in Ti-Nb alloys that indicate
that larger Nb addition is associated with lower densification [6], [7]. The influence of Nb
content on porosity increase is related to the high melting point of Nb, which limits the
densification process; and the significant difference in the diffusion rate between Ti and Nb,
which may cause Kirkendall porosity and delay the diffusion of Nb into Ti matrix, reducing
the sample densification [7]-[9]
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According to Zhao et al.[10], the densification process of Ti-Nb alloys is dependant
on the diffusion distance between Ti and Nb particles, which, in turn, is determined by the
particle distribution of these elements in the sample and homogenisation, as well as the
diffusion coefficients of possible couples in the Ti-Nb system at the consolidation
temperature range. That includes the self-diffusion coefficient of Ti in 3-Ti and «a-Ti; the self-
diffusion coefficient of Nb; diffusion coefficient of Ti in Nb, Nb into 3-Ti and a-Ti. They
stated that at 990 °C, densification is mainly governed by interactions between Ti particles,
due to the fact that the self-diffusion coefficient of Ti in B-Ti is much higher than the
interdiffusion coefficient of Nb into 3-Ti. Hence, Nb diffusion into (3-Ti is less favoured.
Moreover, Nb particles act as diffusion barriers, because they hinder the contact between Ti

particles, reducing the sample shrinkage.

At higher temperature (1156 °C), Nb particles start to dissolve into the 3-Ti phase,
then, the barrier effect of Nb particles is reduced. This promotes the diffusion between Ti
particles, which increases the shrinkage and densification of the samples. Since the higher
diffusivity of Nb into 3-Ti matrix (~1200 °C - 3x10-2 m?/s) compared to the diffusivity of Ti
into Nb (~1200 °C - 1x107® m?/s), the diffusion process between Ti and Nb occurs
unidirectionally from Nb to Ti [11]. Moreover, due to the significant difference in melting
point temperature between Nb (2477 °C) and Ti (1668 °C), the vacancy concentration towards
the Ti-rich zone is higher than the vacancy concentration towards the Nb-rich side, also
contributing to the higher diffusion toward Ti [12]. This unbalanced diffusion could produce
Kirkendall porosity at the Nb/Ti interface. Above 1300 °C, complete homogenisation is
obtained. Further shrinkage and pore elimination are attributed to the interdiffusion process
in the Ti-Nb matrix. It must be noted that it has been reported that the interdiffusion
coefficient between Ti-Nb, reduces as increases the Nb content in Ti-Nb alloys. It has been
reported that the interdiffusion coefficient of Ti-Nb system reduces between 2 and 3 orders
of magnitude in Ti-(0-40 at.%)Nb alloys. [12], [13]

Hence, it is reasonable to deduce that as Nb content increases, it increases the Nb
particles amount. Thus/hence, there are a higher amount of Nb particles acting as a barrier,
delaying/avoiding densification generated by sintering between Ti particles and the
subsequent diffusion processes involved in sample densification. This explains that alloy
containing 40 wt.% Nb shows the lowest values of relative density, reaching maximum
values of 96% (Figure 5.3b) when sintering temperature was increased to 1450 °C. This is
attributed to diffusion processes, typically are favoured at high temperature; consequently,

densification is also enhanced. [13]

Regarding the effect of particle size of alloying powders in density, graphs in Figure
5.3 contains results for two Nb and Fe powder, which characteristics can be found in Table
3.1 (Chapter 3). The particle size of Fe-2 is smaller than Fe-1, and Nb-2 is bigger than Nb-1.
In the case of Nb powder, although the D=0 is not so different, the Do value of Nb-2 is clearly

higher, as can be seen in Table 5.2.
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Table 5.2. Particle size distribution of Nb powders.

Do Dso Doo
Nb-1 4.4 13.7 30.3
Nb-2 5.1 21.5 52.2

The effect of Nb powder on sample densification can be observed for samples
sintered with C4. TH40Nb(2) and TH12Nb(2) (using Nb-2) show lower relative density in
comparison with those processed with Nb-1. Samples TH12Nb (2) reached a relative density
value of about 97%, and TH40Nb(2) achieved 92%. In contrast, employing Nb-1, almost full
density (99%) for TH12Nb(1) and 96% for TH40Nb(1) were achieved.

Both Ti-Nb alloys sintered with C5 and Nb-2 showed similar relative density values
to those observed for C4 and Nb-1. In C5, the sintering temperature was increased to 1450
°C, favouring the diffusion process and, thus, promoting the densification of samples
processed with Nb-2.

These densification results denote the strong influence of Nb particle size on sample
densification. It is well known that powder metallurgy processing is significantly influenced
by the starting powder features, like particle size, morphology, and impurities [14].
Although two Nb powders have irregular and sharp-edge morphology, they exhibit a slight
difference in particle size distribution, as shown in Table 5.2. Nb-1 powder contains a higher
fraction of fine particles than the Nb-2 powder. The coarser particles of Nb-2 are about 20
um bigger than Nb-1. This difference in the particle size distribution of Nb powders
determines the sample densification, probably because a larger particle size delays the

diffusion process between the Ti-Nb couple.

For composition TH5Fe25Nb (Figure 5.3c), there are combined Fe and Nb particle
size effects. Nb effect is similar to that observed in Ti-Nb alloys. Using the same Fe powder
(Fe-2), TH5Fe25Nb alloys sintered under C4 show higher relative density for small Nb
powder (Nb-1), reaching about 99%, while with coarse Nb powder (Nb-2), it decreases up to
97%.

Regarding the Fe particles size effect, it can be seen that for the same sintering cycle
(C3 and C4) and using smaller Nb powder (Nb-1), samples with smaller Fe particle size
(TH5Fe(2)Nb(1)) reached a higher relative density than samples with coarser Fe particle size
(TH5Fe(1)Nb(1)), achieving an about 3.7% and 5.1% higher relative density for samples
sintered with C3 and C4, respectively. This can be explained because the diffusion of Fe into
Ti matrix occurs by an interstitial mechanism [15]. Smaller Fe particle size results in a higher
specific surface area, favouring interdiffusion and, therefore, higher sample densification
than larger particle size [16], [17]. The effect of Fe particle size is more remarkable than that
of Nb powder. This is because the differences between Fe powders are greater than between
Nb powders.
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5.3. Microstructural characterisation.

The alloy with composition TH12NDb (Figure 5.4 and Figure 5.5) shows a typical (a+[)
lamellar microstructure with alpha phase needles growing from the grain boundaries. Pores
in this composition are mostly isolated and spherical; they are situated mainly on grain
boundaries. This fact suggests samples reached the final stage of sintering, so, it is difficult
to eliminate this kind of porosity since higher densification implies prolonged sintering
cycles which might cause an undesirable increase in grain size [18]. Porosity is in accordance
with the results shown in Figure 5.3a, where samples processed from Nb-1 and sintered with
C1 and C2, exhibited a higher amount of porosity than C3 and C4.

(a) (b)

(c) (d)
Figure 5.4. BSE-SEM images for sintered samples of TH12Nb alloy composition (using Nb-1

powder): a) Cycle 1 (C1); b) Cycle 2 (C2); c) Cycle 3 (C3); d) Cycle 4 (C4).

In contrast to these homogeneous microstructures, the image shown in Figure 5.5a,
corresponding to samples produced using Nb-2 powder, presents a higher amount of
porosity and incomplete diffusion of Nb, evidenced by the bright and diffuse Nb-rich area.
This area corresponds to  phase, which explains the absence of alpha needles in the
surroundings. Cycle 5 (C5), comprising higher sintering temperature, allowed to obtain
dense and homogenous microstructure, with no evidence of undissolved Nb (Figure 5.5b).
However, grain size growth is observed due to the sintering temperature increase. [18]
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(@) (b)
Figure 5.5. BSE-SEM images for sintered samples of TH12Nb composition (using Nb-2 powder): a)
Cycle 4 (C4) and b) Cycle 5 (C5).

The microstructure of TH40NDb alloy composition obtained using Nb-1 and Nb-2
powder is shown in Figure 5.6 and Figure 5.7, respectively. It can be seen that this
composition has a predominantly 3-Ti microstructure. In addition, titanium carbide (TiC)
precipitates (identified with arrows) were found, preferably located at the grain boundaries,
regardless of sintering conditions or kind of Nb powder. The bright spots correspond to Nb-
rich areas where Nb remains undissolved. These heterogeneous zones seem to disappear for
samples sintered at 1250 °C (C4) in samples processed with Nb-1. In contrast, undissolved
Nb presence becomes more evident for TH40Nb composition obtained with Nb-2 powder
under C4 conditions (Figure 5.7a), likely due to the larger Nb-2 particle size. Large bright
spots can be seen, with almost unreacted Nb particles inside the Ti matrix and bright diffused
areas corresponding to Nb-rich zones. This undesirable heterogeneous microstructure is
improved when sintering runs under C5 cycle; the higher temperature allows to diffuse Nb

particles and to obtain 3-phase microstructures.

Concerning porosity, no significant differences were observed between C1, C2, C3
and C4 (Nb-1). Pores for TH40Nb composition are mainly elongated; there are few spherical
pores situated at the grain boundaries. SEM images suggest that the final sintering stage has
not yet been reached. Therefore, neither 1200 °C nor 1250 °C is high enough temperature to

improve sample densification.

Samples TH40Nb sintered with C5 (Nb-2) show the most homogeneous
microstructure without undissolved Nb. Like TH12Nb, sample TH40Nb shows lower

porosity and grain size increase due to the sintering temperature rise.

To summarise, TH12NDb exhibits a more homogeneous microstructure, but it is a
biphasic (a+) alloy. In contrast, TH40ND alloy presents 3-Ti phase but shows heterogeneous
Nb-rich zones due to undissolved particles and higher porosity. Particle size distribution of
Nb powder has a significant effect on microstructure homogenisation. Samples processed
with the smaller Nb powder (Nb-1) requires a lower sintering temperature to achieve a

homogeneous microstructure. In contrast, those processed from coarser Nb powder (Nb-2)
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demand a higher sintering temperature to obtain a similar microstructure to those observed

with the smaller Nb powder.

(a) (b)

(0 (d)
Figure 5.6. BSE-SEM images for sintered samples of TH40Nb alloy composition (using Nb-1): a)
Cycle 1 (C1); b) Cycle 2 (C2); c) Cycle 3 (C3); d) Cycle 4 (C4). Arrows indicate TiC precipitates.

@ o (b)
Figure 5.7. BSE-SEM images for sintered samples of TH40Nb(2) alloy composition (using Nb-2

powder): a) Cycle 4 (C4); b) Cycle 5(C5). Arrows indicate TiC precipitates.

e Effect of Fe powder on sample densification.

Composition TH5Fe25Nb was studied using two kinds of Nb and Fe powders. Figure

5.8 and Figure 5.9 display the microstructures obtained for sintered samples using Nb-1
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along with Fe-1 and Fe-2, respectively. Figure 5.10 shows the microstructure achieved using
Nb-2 and Fe-2 powders for C4 and C5.

(a) (b)
(0) (d)

Figure 5.8. BSE-SEM images for sintered samples of TH5Fe25Nb alloy composition using Fe-1 and
Nb-1: a) Cycle 1 (C1); b) Cycle 2 (C2); c) Cycle 3 (C3) and d) Cycle 4 (C4). Arrows indicate TiC
precipitates.

(a) (b)

Figure 5.9. BSE-SEM images for sintered samples of TH5Fe25Nb alloy composition (using Fe-2 and
Nb-1 powders): a) Cycle 3 (C3) and b) Cycle 4 (C4). Arrows indicate TiC precipitates.

Regardless of the type of powder employed and sintering conditions, TH5Fe25Nb
composition shows a mainly (3-Ti microstructure and thin TiC precipitates, located at the
grain boundaries (indicated with arrows in the corresponding images). Moreover, from these
images, it can be seen that Fe addition favour the formation of a more homogeneous
microstructure, as the bright Nb-rich spots that could be seen in TH40Nb composition are

Development of B-Titanium alloys | 135



not present in any of the samples, except for sample processed with Fe-2 and Nb-2
consolidated under C4. This sample shows some bright diffuse zones (indicated in Figure
5.10a), suggesting incomplete Nb diffusion.

(a) (b)

Figure 5.10. BSE-SEM images for sintered samples of TH5Fe(2)25Nb(2) alloy composition (using
Fe-2 and Nb-2 powders): a) Cycle 4 (C4); b) Cycle 5(C5). Arrows indicate TiC precipitates.

Several studies support that Fe is a fast diffusing alloying element, which improves
the sinterability of Ti alloys; allowing higher densification and improving sample
homogenisation [16], [19]-[21]. Similarly, for TH5Fe25NDb alloy composition, Fe addition

plays an important role in promoting Nb diffusion, regardless of the particle size.

For both kinds of Fe, porosity seems to decrease for samples sintered at 1250 °C (C4).
Nevertheless, final porosity and pore morphology are highly influenced by particle size and
morphology of the employed Fe powder. Samples TH5Fe25Nb processed with coarser Fe
(Fe-1) have higher amount of porosity than that obtained with smaller Fe (Fe-2) for C3 and
C4. As shown in Figure 5.8, samples processed using Fe-1 exhibit pores up to 50 um in length,
which is considerably larger than pores achieved using Fe-2 (Figure 5.9), which reach a few
microns in length. Samples with Fe-2 show more rounded pores, located inside the grains

and at the grain boundaries, which suggest an advanced sintering stage.

Atoms mobility during sintering process might result in the appearance of vacancies,
their coalescence resulting in the formation of large pores [17], [18]. The bonding between
powder particles during sintering requires mass transport mechanisms in the interparticle
contact zone. According to the model proposed by Kuczynski et al. [22], it is considered that
volume diffusion or vacancies movement is the most dominant transport mechanism in the
sintering process. The transport mechanism depends on the particle surface, activation
energies of powder particles and the number of particles to diffuse [18]. Also, during the
sintering of a couple of components, like Ti-Fe, with different self-diffusion coefficients,
vacancies precipitate on the side of the faster-diffusing element that means, through the Fe
side, forming empty channels/pores; and, atoms migrate towards the Ti side [22]. Besides,
since the Fe diffusion coefficient into Ti is more than two orders of magnitude than the Ti
diffusion coefficient into Fe [23], [24]; thus, there is an unbalanced diffusion rate during
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sintering between Ti and Fe. Unbalanced diffusion may lead to the formation of Kirkendall
porosity, explaining the porosity observed in sintered TH5Fe25Nb alloys, especially in those
processed with coarser Fe particle size (Figure 5.8). It has been reported that the atomic
diffusion processes are favoured for finer powders since the contact area is higher [18].
Moreover, it has been reported that more spherical powders provide better control of particle
packing and favour densification [25]. Both samples contain the same Fe amount (mass
percentage); however, the number of particles for smaller Fe is higher than the coarser Fe,
which increases the contact regions; hence a better sinterability for Fe-2 is expected. The
diffusion surface is smaller as Fe particle size increases, as it is the case of Fe-1, which may
delay the diffusion process during sintering, compared to smaller Fe (Fe-2) powder. This

affects the size and amount of the final porosity.

From the sintering study, it can be concluded that the particle size of raw powders
influences sample homogenisation. Samples obtained from smaller particles size (both Nb
and Fe) require lower sintering temperature to achieve complete homogenisation and
relative high densification. In comparison, alloys from coarser particles size demand higher
sintering temperature and longer holding time to promote the diffusion process and reach
suitable homogenisation. Concerning sintering temperature, the three alloys developed in
this work present the highest densification values and better homogenisation as increases
the sintering temperature. However, the apparent increase of grain size is notorious, as the
sintering temperature increases from 1250 °C to 1450 °C, which could negatively affect

mechanical behaviour.
o Formation of titanium carbides (TiC) precipitates.

As mentioned above, samples TH40Nb and TH5Fe25Nb present titanium carbides
(TiC) precipitates located at the grain boundary for all sintering cycles and kinds of powders
employed. The formation of TiC will be discussed, considering the carbon content measured

for samples sintered under C5 (Table 5.3).

Table 5.3. Measurement of carbon content for samples sintered under C5 conditions.

Composition C (wt.%)
TH12Nb 0.069 + 0.007
TH40Nb 0.053 + 0.011

TH5Fe25Nb 0.042 + 0.005

To understand the formation of these TiC precipitates, it is essential to know the
interaction between Ti and C and how it changes with alloying elements. Figure 5.11 shows
the Ti-C phase diagram. It can be seen that the solubility limit in a-Ti is higher than for 3-Ti,
being 0.37 wt.% and 0.08 wt.%, respectively. Above the solubility limit, the Ti matrix cannot
dissolve the extra carbon, and TiC precipitates as a secondary phase.
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Figure 5.11. Ti-C phase diagram obtained with Thermocalc Software using the Ti alloys
database V3.1 (TTTI3).

Moreover, it has been stated that Nb addition may reduce the solubility limit of
carbon into Ti [26], [27]. In addition, the addition of Cr, Mo, Mn, and Fe may also lead to a
decrease of carbon solubility in Ti alloys; whereas Co, V, and Ta can increase the carbon

solubility in Ti alloys [28].

Figure 5.12 shows the phase diagram for the Ti-xNb-C system, where x corresponds
to 12, 25, and 40 wt.%. As it can be noted, the solubility limit of carbon in (3-Ti highly
decreases as the Nb content increases, reaching 0.03 wt.%, 0.01 wt.% and 0.005 wt.% for 12,
25, and 40 wt.% of Nb, respectively. Furthermore, carbon solubility increases with increasing
temperature, reaching 0.31% in Ti-12Nb, 0.25% in Ti-25Nb and 0.18% in Ti-40Nb, at the
sintering temperature of 1450 °C. The solubility limit of carbon on the biphasic (a+{) region
also decreases.

In the Ti5Fe25Nb-C system (Figure 5.13), the reduction of carbon solubility is even
more severe than Ti-xXNb-C. The carbon solubility limit in 3-Ti is hugely low (about 0.001
wt.%). Carbon solubility increases as increasing temperature, reaching up to 0.16 wt.% at the
sintering temperature. This value is similar to that predicted for the Ti-40Nb-C alloy Hence,
it seems that the effect of carbon solubility reduction is intensified by combining Fe and Nb
elements in TH5Fe25Nb, even though the total content of alloying elements be lower than
40 wt.%.

All compositions have carbon content (Table 5.3) lower than the solubility limit at
the sintering temperature. Consequently, TiC precipitates would be not expected at this
temperature. Based on phase diagrams (Figure 5.12 and Figure 5.13), all carbon in sintered
alloys should be in an interstitial solid solution with 3-Ti phase for three processed alloys.
Nevertheless, for TH40Nb and TH5Fe25Nb alloys, this not happen since several titanium
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carbides precipitates were observed in SEM images. Hence, it is reasonable to deduce that
titanium carbide precipitates are formed during cooling. Considering the carbon content in
sintered samples is expected TiC precipitate below 970 °C in TH-12Nb, 1075 °C in TH-40Nb
and TH5Fe25Nb. These points are indicated with () in Figure 5.12b and Figure 5.13b.
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Figure 5.12. Phase diagram of Ti-xNb-C alloys obtained by Thermocalc software for different Nb
additions (x=12, 25, 40 wt.% ) using the using Ti alloys database V3.1 (TTTI3). a) Carbon

concentration up to 0.5 wt.% and b) Detail of Ti-xNb-C phase diagram until 0.2 wt.% of carbon.
Y Indicates the expected point to TiC formation during cooling.

In the case of TH12Nb alloys, the carbon solubility range in the biphasic (a+f) field
is considerably higher than that in Ti-40Nb wt.% and Ti-5Fe-25Nb alloys. It is 0.15 wt.% for
Ti-12Nb, 0.04 wt.% in Ti-40Nb and 0.012 wt.% in Ti-5Fe-25Nb. Then, it is possible that for
TH12Nb alloy, as the carbon content is lower than carbon solubility in (a+{) region (Figure
5.12b), carbon has dissolved into a-Ti phase due to the greater carbon solubility in this phase
compared to that in 3-Ti phase. On the contrary, as TH5Fe25Nb and TH40Nb present a
carbon content above the lower carbon solubility in the (a+) region, TiC precipitation is

produced since the Ti matrix cannot dissolve the carbon excess.

Despite the TiC presence in TH40Nb and TH5Fe25Nb compositions, the three alloys
processed in this work, have a carbon content within maximum permissible in the standard
ASTM F136, established for Ti-6Al-4V alloy for surgical implant applications (0.08 wt.%) [29].
However, even if the carbon content meets the requirements, the TiC precipitates could affect

the mechanical behaviour of alloys, increasing the elastic modulus and reducing ductility.
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* Indicates the expected point to TiC formation during cooling.

5.3.1. Phase identification by X-ray diffraction (XRD).

Considering the results obtained so far, the coarser Fe powder (Fe-1) and sintering
cycles C1 and C2 were discarded, since they did exhibit a more porous and less
homogeneous microstructure. The next results presented in this section correspond to

samples produced using sintering cycles C3, C4 and C5.

Figure 5.14 displays the XRD patterns for each composition, sintered with different
cycles (C3, C4 and C5). The phases identified by XRD are in accordance with the phases
observed by SEM (Figure 5.4-Figure 5.10).

It can be seen that TH12Nb is composed of (a+(3)-Ti phase, coinciding with pattern
diffraction of a-Ti (ICDD 01-089-3073) and -Ti (ICDD 01-089-4913). Also, it can be seen that
the samples TH40Nb and TH5Fe25Nb are composed mainly of 3-Ti phase. However, a small
peak corresponding to the main reference peak of a-Ti phase was also identified in the
diffraction pattern of TH5Fe25Nb sintered with C5. No evidence of TiC was found for
TH40Nb and TH5Fe25Nb; which indicate that TiC amount is not enough to be detected by
XRD.
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Although the phases identified for all sintering cycles are the same for each
composition, some subtle changes were detected as sintering temperature increases. These
changes are shown in more detail in Figure 5.14.b, d and f for TH12Nb, TH40Nb and
TH5Fe25NDb, respectively. Table 5.4 shows the angle diffraction of the principal peak,
corresponding to the plane (1 1 0) of -Ti phase obtained for the three processed alloys,
sintered with cycles 3, 4 and 5.

Table 5.4. Diffraction angles of plane (1 1 0) of 3-Ti phase for sintered samples with
different sintering cycles.

TH12Nb TH40Nb TH5Fe25Nb

Cycle 3 38.75 38.74 39.08
Cycle 4 38.67 38.70 39.09
Cycle 5 38.53 38.47 38.80

In general, for the three compositions, it is observed that the main peak is shifted to
the left, towards smaller diffraction angles, as the sintering temperature increases. The peak
position on XRD measurements provides information about crystallographic features such
as lattice parameter, unit cell dimensions, crystalline system, identification of crystalline
phases and semi-quantitative analysis [30]. Besides, it has been reported, that the presence
of multiple elements with different atomic size and energy levels, produces lattice
distortions, which can be identified by shifting the reference peaks position compared to the

lattice of the pure element [31].

Both pure (3-Ti and Nb have the same crystal structure BCC, and close diffraction
angles (38.759° and 38.507°, respectively). The incorporation of alloying element into Ti
network produces lattice distortions which supposes a peak displacement toward greater or

lower diffraction angles, depending on the solute atom size [32], [33].

The atomic radius of Nb is higher than that of Ti (207 and 147 pm, respectively).
Hence, when a solute Nb atom replaces a Ti atom, the volume cell increases by the size
differences. Besides, close to each solute atom (Nb), the atoms are not sited at the regular
positions of the pure lattice. This produces local distortions that expand the lattice, varying
the diffraction angles, explaining the displacement observed for the plane (110) toward lower
diffraction angle for samples TH12Nb and TH40Nb. Since in an alloy formed by solid
solution, such as Ti-Nb alloys, it is expected that diffraction angle occurs at intermediate
angles, between pure 3-Ti and Nb [32], [34].

It is noted that this displacement is more pronounced for higher sintering
temperatures. This fact could be ascribed to as the diffusion process is enhanced/favoured at
high temperature. Then, if a higher amount of Nb diffuses into the Ti matrix, it is achieved
higher homogenisation and lattice distortions, producing the shifting of angle diffraction
toward Nb.
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In contrast, for TH5Fe25NDb alloy, the main peak of the B-Ti phase is located at a
greater angle than Ti-Nb alloys (Table 5.4). This is because Fe has a smaller atomic radius
(0.126 nm) than Ti (0.147 nm) and Nb (0.206 nm), so when Fe diffuse into Ti, and forms a
solid solution, lattice parameter of B-Ti decreases, moving the peak to higher angle
diffraction [35]. As indicated in Table 5.4, the diffraction angle of the main peak decreases
for TH5Fe25NDb sintered under C5 conditions

These results can be related to the strong [3-stabilising effect of Fe in 3-Ti over Nb. As
seen in Chapter 4, Fe particles fully dissolve into Ti matrix below 800 °C. At that temperature,
the Nb diffusion just begins. A hypothesis could be that at low sintering temperature (C3
and C4), 3-Ti phase is governed by Fe diffusion and lesser extent, by Nb partial diffusion.
Then the distortions in the network cause the peak to be at a greater angle. While at a higher
sintering temperature, diffusion between Nb and Ti is promoted, producing lattice
parameter expansion, and therefore the displacement of the main peak toward lower angle
diffraction. This displacement is less than that observed in Ti-Nb alloys since the effect of Fe

(shrinkage), and Nb (expansion) is combined.

Finally, samples sintered with C5 show a broader peak of the (3-Ti phase; this
supports the conclusion that higher phase homogenization was achieved for C5 compared
to C4 and C3.

5.4. Mechanical characterisation.

5.4.1. Microhardness.

Vickers microhardness measurements for samples sintered with different sintering
cycles are displayed in Figure 5.15. The hardness results were analyzed considering
porosity, grain size (qualitative) and oxygen content (presented in Table 5.5), due to their
great influence on mechanical properties. High porosity and grain size reduce hardness,

while high oxygen concentration is associated with a hardness increase [36], [37]. C

From Figure 5.15, it can be seen that TH5Fe25Nb composition presents the higher
hardness values for all sintering cycles. It has been stated that Fe addition has a solid-solution
strengthening effect in Ti alloys, which may explain the higher hardness values observed in
TH5Fe25Nb respect to the other Ti-Nb alloys [38], [39].

The lowest hardness values were obtained for TH40NDb, for all sintering cycles.
Regardless of the sintering cycle employed, TH40Nb composition reached higher porosity
than TH12Nb and TH5Fe25NDb (at least 4% more porosity). Greater porosity could explain
the low hardness values observed for TH40Nb. Similarly, samples sintered with C3 present
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the lowest hardness values, which is also associated with the higher porosity achieved with
this sintering condition.
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Figure 5.15. Vickers microhardness measurements for sintered samples with different sintering
cycles (C3, C4 and C5).

Table 5.5. Oxygen content for sintered samples under C4 and C5 (wt. %).

Sintering cycle TH12Nb TH40Nb TH5Fe25Nb
C3 0.497 + 0.006 0.574 +0.039 0.477 +0.012
C4 0.403 + 0.004 0.437 + 0.056 0.503 + 0.008
C5 0.790 + 0.022 0.592 + 0.025 0.633 + 0.026

Hardening of an alloy can be reached by grain size refining that increases the grain
boundaries and dislocations density. Precipitation of secondary phases, carbides or oxide
particles can also have a hardening effect [40], [41]. Based on this, it was expected higher
hardness for samples sintered with C3 and C4 (with smaller grain size). On the contrary, the
three alloys sintered with C5 exhibit the highest hardness values, despite having significant
grain size growth compared to grain size observed for C3 and C4. According to Table 5.4,
samples sintered with C5 present higher oxygen content for all compositions, reaching about
0.8% and 0.6% for TH12Nb, and TH40Nb and TH5Fe25Nb, respectively. Greater oxygen

content obtained with C5 can lead to hardening with respect to the other sintering cycles.
[42], [43]

Current results suggest that grain size have no significant effect on hardness for the
studied alloys. Hardness seems to be mainly affected by porosity and oxygen content.

Achieving higher hardness values is favourable to improve wear properties.

5.4.2 Elastic modulus.

Elastic modulus is of the most important mechanical properties to consider for the
biomaterial design. For biomedical applications, low elastic modulus alloys should be
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employed, in order to avoid the stress-shielding phenomenon, since it is associated with

long-term bone resorption, compromising the bone-implant fixation. [43]-[45]

Young's modulus measurements, obtained for samples sintered using C4 and C5
cycles, are shown in Figure 5.16, where it is clear that no significant differences were found.
This confirms that grain size does not affect the resulting elastic modulus, which is
influenced by alloy composition. As was expected, higher Nb content reduces the sample
stiffness. Hence, the composition containing 40 wt.% of Nb reached the lowest Young's
modulus values, achieving about 64+12 GPa and 73+12 GPa, respectively, for C4 and C5.
Besides, the porosity of TH40Nb (about 4% for both sintering cycles) may also contribute to
reducing the elastic modulus.
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Figure 5.16. Young's modulus values for sintered samples under different sintering cycles (C4
and C5).

Despite the clear microstructure differences observed by SEM images for samples
TH12NDb (a+B) and TH5Fe25Nb (mainly 3), sample TH12Nb has elastic modulus values
slightly higher than that obtained for TH5Fe25Nb composition. Sample TH12Nb reached
elastic modulus of 1068 GPa and 104+17 GPa, for C4 and C5 respectively; while TH5Fe25Nb
achieved 9148 GPa and 95+14 GPa, for C4 and C5 respectively. Biphasic (a+{)-Ti alloys,
typically, exhibit higher Young's modulus and yield strength than 3-Ti alloys [44], [46]. The
a-Ti phase has an HCP structure that is more brittle since BCC structure possesses more
active slip systems than HCP structure [43], [47]. Nevertheless, no significant differences in

elastic modulus were found for these compositions.

Mechanical properties of Ti alloys are strongly influenced by processing route,
thermal treatments and other material features, such as interstitial elements or total porosity.
In particular, the elastic modulus of B-Ti alloys is powerfully influenced by the crystal
orientation; hence, the crystallographic texture should be controlled by processing to reduce
the elastic modulus. All this makes the comparison of some properties with reported data
difficult. Nevertheless, alloys processed by powder metallurgy usually have no
crystallographic texture.
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Different Young modulus values have been reported for alloys with similar
composition, obtained with different processing routes. It should be noted that many of the
Ti-Nb alloys showing elastic modulus lower than the bone usually have high porosity. For
instance, Hosnie et al. reported elastic modulus of 17 GPa for Ti-40Nb alloy with 55% of
porosity [48]; while Abdi et al. stated elastic modulus of 62 GPa, for the same composition,
processed by melting [49]. Moreover, alloys of the Ti-Nb-Fe system like Ti-12Nb-5Fe alloy
produced by cold crucible levitation melting reaches 90 GPa [50]. Besides, it has been
reported for Ti-25Nb-3Fe, obtained by casting, had an elastic modulus of 65 GPa [51]; while
cast-quenched Ti-27Nb-7Fe alloy exhibited 115 GPa. The differences among these alloys,
with similar composition, is attributed to the hardening effect by martensitic transformation
of B to a" phase produced by fast cooling [52]. The formation of brittle phases such as o', a"

or w, should be controlled to prevent rising of elastic modulus values.

The three compositions processed in this work present similar elastic modulus values
to those reported in the bibliography, which are lower than the current Ti-6Al-4V and Ti-
6Al-7Nb alloys, that reaches about 114 GPa [50]. Hence, the processed alloys could be a
suitable alternative for biomedical Ti alloys, since they are composed of non-toxic and non-

allergic alloying elements, achieving an elastic modulus decrease as well.

5.4.3. Fatigue behaviour.

Fatigue resistance is a key property of implant materials since, during their lifetime,
hip implants continuously must withstand cyclic loads, which could cause plastic
deformation in stress concentration sites or heterogeneous zones [53], [54]. Then, evaluate
fatigue behaviour is especially important to confirm the feasibility and reliability of the alloy
as implant material. In this section, fatigue behaviour was evaluated for the three Ti alloys

sintered under condition C5.

With the aim to establish the initial load for the fatigue tests, static three-point
bending tests were conducted to measure the maximum flexural strength (transverse
rupture strength, TRS). Representative results for each alloy are shown in Figure 5.17. It can
be seen that TRS reaches values of 1790 MPa, 1570 MPa and 1350 MPa for TH12Nb,
THS5Fe25Nb and TH40NDb, respectively. The strain values are 9.3% for TH12Nb, 5.4% for
TH40NDb, and 4.4% for TH5Fe25Nb. The low strength of TH40Nb may be attributed to lower
relative density reported in Figure 5.3.

The TRS values obtained are comparable to those Ti-Nb alloys reported elsewhere.
Lee et al. [55] evaluated the mechanical properties of cast processed binary Ti-Nb alloys
containing Nb up to 35 wt.%. They reported that TRS decreases with the Nb content
increasing, achieving 1700 MPa, 1650 MPa and 1400 MPa for 10 wt.%, 25 wt.%, and 35 wt.%

of Nb. Despite the difference in porosity between samples processed by cast and PM, values
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reported by Lee et al. [55] are close to the reported in Figure 5.17. Processed samples exhibit
higher TRS compared to other PM alloys. Til5Nb3Fe and Til5Nb3Cr alloys sintered at 1280
°C for 2 h, reached TRS of 700 MPa and 1400 MPa, respectively[56]. Eren et al. reported a
TRS of 1200 MPa for Til6Nb alloy [57]. The relative higher porosity of these samples (about
4%) may explain the low TRS values.
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TRS: Transverse resistance strength.
Figure 5.17. Flexural stress-strain obtained for TH12Nb, TH40Nb and TH5Fe25Nb alloys.

B-Ti alloys have lower elastic modulus than (a+@) alloys. Moreover, owing to their
BCC crystal structure, they are also recognised to exhibit higher ductility [58]. Then, the

lower values of both strength and strain obtained for (3-type alloys was unexpected.

It is well known that porosity has negative effects on mechanical properties. Pores
diminish the effective cross-section of the sample, thereby, reduce the material fraction that
must resist the applied load. Pores act as stress concentration sites for cracks nucleation,
decreasing both ductility and strength [59]. Additionally, interstitial elements (O and N)
have a solid-solution hardening effect in Ti alloys. Then, these elements strengthen the alloy
but decrease ductility. [60]

TH12Nb and TH5Fe25Nb alloys have higher relative density values (Figure 5.3) and
higher oxygen content (Table 5.5) than TH40ND alloy. This may explain the higher TRS
values achieved for TH12Nb and TH5Fe25Nb samples, but no the differences in ductility.
Considering that TH5Fe25Nb presents a similar relative density and lower oxygen content
(0.63 wt.% O) than THI2Nb (0.79 wt.% O), higher ductility would be expected for
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TH5Fe25Nb. However, this does not occur. TH12Nb presents more than twice the elongation
than the sample TH5Fe25Nb. Comparing both B-Ti alloys, there is almost no influence of
porosity on the ductility of TH40Nb and TH5Fe25Nb. Even though TH40Nb presents a
porosity of about 4% and TH5Fe25Nb achieve about 1%, TH40Nb show slight higher
elongation than TH5Fe25Nb. These results suggest that there are different/additional factors

to porosity and oxygen content affecting the mechanical behaviour of the alloys.

TiC precipitates increase the strength of Ti and its alloys by precipitation
strengthening mechanism but also reduce the alloy ductility significantly. As seen in Section
5.3, higher Nb addition reduces the carbon solubility in Ti alloys, favouring the TiC
precipitates formation. Hence, TH40Nb and TH5Fe25Nb are more likely to form TiC than
TH12Nb. Indeed TiC precipitates were no observed in SEM images for THI12Nb

composition, which explains the better flexural behaviour.

It is reasonable to deduce that the lower mechanical properties for TH40Nb and
TH5Fe25Nb could be related to the presence of TiC precipitates instead of porosity. These
results coincide with results reported by Zhao et al. [7]. They found higher detrimental
effects on the ductility of Ti-Nb alloys caused by TiC precipitates than those produced by
porosity.

To further understand why the ductility is reduced, the fracture surfaces of the three
Ti alloys, after the static flexural test were examined and are shown in Figure 5.18. The
fracture morphology of TH12Nb exhibits mainly dimple rupture, indicative of a ductile
fracture; while TH40Nb shows significant interconnected porosity, which is related to
ductility loss. Besides, dimples and cleavage facets are observed, suggesting a ductile-fragile
fracture. In contrast, TH5Fe25Nb sample presents marked fragile and intergranular fracture
features, where grains can be easily distinguished. Propagated cracks, among grains, are also
observed. TH40Nb and TH5Fe25Nb show more signs of brittle fracture, which could be
attributed to the detrimental effects generated by the presence of TiC.

After the static flexural test, it was selected 400 MPa as the starting load for the
fatigues tests, which corresponds to around 30-35% of the yield strength of each alloy. The
Stress-Number of cycles (S-N) diagrams summarising the fatigue data acquired (R=0.1) are

displayed in Figure 5.19.

Sample TH12Nb, showing an (a+[3) microstructure, achieved the highest fatigue limit
at high-cycle fatigue life, reaching about 368 MPa. In contrast, composition TH40Nb and
THS5Fe25Nb, mainly composed of 3-Ti phase, reached 321 MPa and 338 MPa, respectively.
Moreover, it can be seen a higher data dispersion in the fatigue behaviour for samples
TH40NDb and TH5Fe25Nb. For instance, some specimens of TH40Nb tested at 360 and 375
MPa shows lower fatigue life than that obtained for samples tested at 400 MPa, while others
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(b) (d) ®
Figure 5.18. SE-SEM images showing fracture surface after three-point flexural tests for: (a-b) TH12Nb;(c-d) TH40ND and (e-f) TH5Fe25Nb.



460 460

% \Y4 - a O
440 4 __ 440
g g
£ 4201 S 4201
3 3
(£ 4003 \vAV4 & 400 o0
g % 380
380 4 ] 3
£ \AVARY, W\vi = O g O~
g 360 4 & g 360 4 O O=
g E
E S
E @ 3401
g 340 <
3204 320 —
5 6 105 106
10 Ne° of cycles 10 N° of cycles
(@) (b)
460
O O
4401
g
S 420
b&’ 400 4 06
g 380
g OO ® o
E 3601 & OF
£
3 3404
=
3204
10° °
N° of cycles

(c)
Figure 5.19. S-N curves after three-point bending fatigue test for a) TH12Nb; TH40Nb and c)
TH5Fe25Nb. Arrows indicate that run-out condition at 2x106 cycles was achieved.

reach the run-out condition. This may be attributed to TiC precipitates, which are usually
associated with the detriment of mechanical properties and the loss of reliability. TiC
increases brittleness which may produce unexpected failure at lower loads. For TH40Nb
alloy composition, the higher porosity, compared to THI12Nb and TH5Fe25Nb, can also
decrease the fatigue limit.

The fracture surface was examined to better understand the fatigue failure
mechanisms, and images are shown in Figure 5.20. For the three alloys, fatigue cracks
initiation occurs in the upper sample section, where there is the highest stress concentration.
Typical fatigue striations were observed for TH40Nb and TH5Fe25Nb samples (indicated
with "I'" in Figure 5.20).

Fatigue crack initiation is usually associated with defects such as inclusions,
segregation, precipitates, pores or microstructural heterogeneities, which act as potential
crack nucleation sites [61]. In evaluated samples, pores at the nucleation zone were observed,
especially for TH40Nb sample, where different sizes of closed and interconnected pores were
found. This could explain the lower fatigue properties for this composition.
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Figure 5.20. SEM images of fracture surface after three-point flexural fatigue test for samples tested at omax =400 MPa. a) TH12Nb (N¢=200.077 cycles); b) TH40Nb
(N¢#=109.990 cycles) and c) TH5Fe25Nb (N¢=189.499 cycles) after failure in high-cycle fatigue life region.
1 Detail of nucleation zone; 2 Detail of propagation zone.
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(Continuation) Figure 5.20. SEM images of fracture surface after three-point flexural fatigue test for samples tested at omax =400 MPa. a) TH12Nb (N¢=200.077
cycles); b) TH40Nb (Nt=109.990 cycles) and c¢) TH5Fe25Nb (N¢=189.499 cycles) after failure in high-cycle fatigue life region.
1 Detail of nucleation zone; 2 Detail of propagation zone.



Moreover, small cracks near the top surface were observed in TH12Nb sample. It has
been reported that cleavage facets at the nucleation zone could be formed by easy crack
propagation parallel to the local lamellar interface; in biphasic (a+{)-Ti alloys [62]. This
agrees with the cleavage facets revealing parallel lines observed in Figure 5.20a'), which

correspond to the a/f3 lamellae that appear to be oriented towards the propagation direction.

Fast crack propagation region or catastrophic failure zone is similar to the fracture
surface described in Figure 5.20. After nucleation region, TH12Nb exhibits a ductile fracture
by the presence of dimples; for TH40NDb, evidence of dimples and cleavage facets indicated
a ductile-brittle fracture, and severe intergranular fracture can be seen for TH5Fe25Nb

sample.

Despite the fact that no TiC precipitates were detected at the nucleation zone for
TH40Nb and TH5Fe25Nb samples; they seem to have a significant influence on the crack
propagation zone. In Figure 5.21, empty rough areas of detached particles can be seen. EDX
analysis indicates an increase of carbon content inside them, which suggest that they
correspond to TiC particles. Hence, TiC embrittled the material, facilitating the crack

propagation and intergranular fracture.

Ti Nb C Ti Nb Fe C
Al 668 33.2 4 Al &4 14 2 4
A2 59.7 403 ND A2 716 239 45 ND
ND: No detected ND: No detected

(@) (b)

Figure 5.21. Detail of the propagation zone of the fracture surface with EDX analysis of interesting points
attached of a) TH40Nb and b) TH5Fe25Nb.

The fatigue resistance obtained for the three alloys studied in this work is within the
range reported for Ti6Al4V alloys, processed by cold pressing and vacuum sintered. It varies
from 200 to 400 MPa for samples with density from 95% to 99% [63].

Nevertheless, the grain size, porosity, and high amount of TiC precipitates play an
important role in degrading the mechanical properties of TH40Nb and TH5Fe25Nb alloys.
Although they show high flexural strength, both their ductility and fatigue resistance are
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affected by these factors. Therefore, to improve the reliability and mechanical properties,
performing heat treatments that help to refine the microstructure and dissolve the

precipitates, would be appropriate.

It has been stated that the fatigue performance of titanium alloy depends on
microstructures, which can be modified by heat treatments or thermomechanical treatments
[53], [63]. Akahori et al. reported an increase in fatigue resistance for Ti-29Nb-13Ta-4.6Zr
alloy, with (3 microstructure, from 380 to 680 MPa with an aging treatment at 450 °C for 72 h
[64]. Similarly, Ti-24Nb-4Zr-7.6Sn alloy show fatigue resistance enhancing from 250 to 425
MPa after aging treatment at 400 °C for 4 h [65]. This improvement is attributed to the
formation of fine a phase precipitates inside the 3 grains, that provide more resistance to
fatigue crack initiation and hence, increase the fatigue strength [46], [63], [65]. Nevertheless,
a precipitates may increase the elastic modulus, which is undesirable for biomedical Ti
alloys. Thus, heat treatments should be carefully performed in order to avoid an increase of
the elastic modulus. [66]

5.5. Study of TiC dissolution to improve the fatigue life in
p-Ti alloys.

Mechanical properties such as Young's Modulus and fatigue resistance, are critical
for Ti alloys employed in the biomedical field. Fatigue behaviour is especially important to
confirm the reliability as metallic biomaterials. Titanium alloys show a wide range of
mechanical properties according to the microstructures obtained, either by chemical
modification, through the addition of a or 3-stabilizers elements, heat treatments or thermo-
mechanical processes. On the other hand, mechanical properties are also influenced by grain

size, porosity, precipitates inside the matrix.

Due to the significant differences in hardness, elastic modulus, and electrochemical
properties of TiC precipitates and the 3-Ti matrix, the formation of titanium carbide (TiC),
especially along the grain boundaries, has detrimental effects on the mechanical properties,
fatigue behaviour, ductility and corrosion resistance; while Young's modulus increases [67].
Presence of this kind of carbides decreases the mechanical reliability of the alloy, because
cracks could nucleate from TiC, and quickly propagate producing a premature failure, as
seen in the previous section (Section Fatigue behaviour.). This section reports on the
attempts carried out to improve the microstructural features of TH5Fe25Nb alloy by heat
treatments to dissolve the TiC precipitates or reduce their size in order to enhance their
mechanical properties for future works.
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5.5.1. Design of heat treatments and microstructure evolution.

Heat treatments (HT) were proposed based on the Ti-5Fe-25Nb-C phase diagram
(Figure 5.13); these are summarised in Figure 5.22. TiC dissolution was evaluated by heating
the samples up to two stability regions of the phase diagram: 1) above the -transus, heating
up to 1300 °C and 1100 °C, where (3 phase is expected; and, 2) below [-transus, heating up
to 900 °C, where B+TiC is expected. Note that carbon content of 0.04 wt.%, in Ti5Fe25Nb
alloy, modifies the B-transus temperature from 540 °C to 1075 °C.

In addition, an ageing treatment at 650 °C was conducted to dissolve the TiC
precipitates from the biphasic a+f region, considering that carbon solubility is higher in the
a-Ti phase than in -Ti phase. Ageing also leads to obtain a phase precipitates which,

depending on their morphology, may enhance the fatigue resistance.
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Figure 5.22.Conditions of heat treatments performed for composition TH5Fe25Nb.
HR: Heating rate. CR: Cooling rate.

The microstructure of the as-sintered TH5Fe25Nb sample is displayed in Figure 5.23.
Representative microstructures obtained after heat treatments are shown in Figure 5.24, 5.25
and 5.27. It can be seen that as-sintered TH5Fe25Nb exhibits elongated carbides, which are
located both at the grain boundaries and inside the grain (Figure 5.23).

An entirely different carbide distribution can be seen for samples treated at 1300 °C
and 1100 °C (HT1, HT2, HT3 and HT4) (Figure 5.24) compared to as-sintered sample,.
Carbides become smaller than as-sintered samples. Furthermore, they are uniformly
distributed and seem to precipitate preferentially inside the  grains instead of grain
boundaries. The only significant difference HT1, HT2, HT3 and HT4 seem to be that carbide
size is slightly reduced when increasing the holding time from 0.5 to 1h, for HT1 and HT2;
although this effect does not happen from 1 to 2 h, for HT3 and HT4.
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Figure 5.23. Optical microscopy images of as-sintered TH5Fe25Nb alloy. Circles indicate TiC
precipitates.

(@) (b)

(c) (d)
Figure 5.24. Optical microscopy images of representative microstructures for TH5Fe25Nb alloy
with different treatments conducted above beta transus. a) HT1 (1300 °C-0.5 h); b) HT2 (1300 °C-1
h); ¢) HT3 (1100 °C-1h); d) HT4 (1100 °C-2 h. Circles indicate TiC precipitates.

The phase diagram of Ti5Fe25Nb-C (Figure 5.13) indicates that carbon solubility in
the [ phase increases as temperature increases, reaching a maximum of 0.046 wt.% and
0.1wt.% at 1100 °C and 1300 °C, respectively. These contents are higher than the total carbon
content measured in as-sintered TH5Fe25Nb (0.04 wt.%, reported in Table 5.3). Therefore,
at 1100 °C and 1300 °C, total carbon may dissolve fast in the (3 phase, based on the fact that
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it presents higher diffusivity in 3 than in a phase [68]. Hence, carbides are likely formed
during cooling. The fact that similar microstructural features observed for HTs conducted at
1100 °C and 1300 °C (HT 1-4), could be attributed to the fact that cooling was conducted from

the same stability region.

It has been reported that during the first stage of carbide precipitation, when cooling
by water quenching from temperature over than B-transus, these start to form preferentially
at grain boundaries, and then, with some delay, smaller carbides are formed inside the grain
[68], [69]. However, this is not precisely the case in this study since the carbides preferentially
precipitate in the interior of the grain. It is possible that the high cooling rate (600 °C/min),
as well as the small samples size used for HTs 1-4, may produce a freezing-like effect of the
microstructure with the carbides dissolved in B phase, hindering the nucleation at grain

boundaries.

When the treatment temperature decreases to 900 °C (HT5 and HT6) (Figure 5.25),
segmented carbides can be seen, which preferably precipitate along the grain boundaries.
Images suggest that carbides obtained with HT6 are smaller than those with HT5. Thus, it
appears that longer holding time reduces the carbide size. A carbide size reduction might

positively affect fatigue properties since the contact area between grain boundary and

precipitates is reduced.

(b)

Figure 5.25. Optical microscopy images of representative microstructures for TH5Fe25Nb alloy
with heat treatments performed below beta transus at 900 °C. a) HT5 (900 °C-2 h); b) HT6 (900 °C-
6 h). Circles indicate TiC precipitates.

Luo et al. [69] propose an anomalous fast dissolution process via short-circuit
diffusion in the high-temperature range; when the temperature is below (3-transus but above
the maximum carbon solubility in (a+{) phase (about 650 °C), which is the temperature at
which HT5 and HT6 was conducted, according to the phase diagrams. At the same time, a-
Ti is formed since carbon enters into the a phase, stabilising it. To confirm if precipitates
correspond to a-phase, EDX mapping was performed to evaluate the element distribution
around precipitates (Figure 5.26) for samples with HT6. Mapping reveals high contrast for
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carbon and low contrast for both (-stabiliser elements (Fe and Nb). This suggests that
precipitates, in fact, correspond to carbides and not to a phase. Based on previous studies
of similar heat treatments conducted in Ti-22Nb alloy, if precipitates were of a phase, some
small Nb amount would be detected inside them; since, at this temperature, the Nb
diffusivity is too low to move out of a phase. [70]. Hence, it can be concluded that, despite
what has been previously reported in the literature, no alpha phase precipitates were found,
and carbides precipitate preferentially in grain boundaries and also inside the grain for HT5
and HT6.

Figure 5.26. EDX mapping of TH5Fe25NDb treated with HT6 showing precipitates located at the
grain boundary.

Aged TH5Fe25Nb sample with HT7 (Figure 5.27) shows a thin plate-like secondary
phase corresponding to the a phase, that is located both along grain boundaries and inside
the grain. Carbides seem smaller than those observed for as-sintered sample. It can be seen
that a phase grows from carbide precipitates, which act as a nucleation sites. This could also
contribute to carbide size reduction. EDX mapping (Figure 5.28) shows diffused carbon
contrast around the carbides, which supports the hypothesis that carbon migrates from

carbide particles to the matrix, forming the flake-like a-phase enriched in carbon.

According to the phase diagram (Figure 5.13) and previous studies [68], [70], ageing
at low temperature causes the precipitation of a phase, which is consistent with the
microstructures examined. This could have two advantages. First, carbides can be dissolved
by a phase stabilisation and then, these o precipitates can enhance the mechanical

properties.

From these results, it would be interesting to evaluate the fatigue behaviour of
samples treated with HT6 and HT7. Samples treated with HT6, present a large fraction of
carbides dissolved, and those that remain are much smaller than the as-sintered sample.
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Samples treated with HT7, exhibit uniformly distributed fine a phase precipitates,

nucleating from the carbides; which implies a hardening effect.

Figure 5.27. Optical microscopy images of representative microstructures for TH5Fe25Nb alloy
after aging treatment (HT7: 1100 °C-1 h + 650 °C-5 h). Circles indicate TiC precipitates.

Figure 5.28. EDX mapping of TH5Fe25Nb treated with HT7 showing carbide precipitates acting
as alpha nucleation sites.

These treatments can be an alternative to improve the mechanical properties of
THS5Fe25Nb. Nevertheless, these microstructures must be further analysed to better
understand the carbide dissolution mechanism and identify other possible brittle phases like

a', o or w, usually formed by fast cooling.
5.6. Evaluation of biological response.

This section summarises the biocompatible behaviour of the three compositions
(TH12Nb, TH40Nb and TH5Fe25NDb), sintered with sintering cycle cycle 4.
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These materials were analysed to determine the biocompatibility and cellular
viability of each substrate to validate them as an alternative biomaterial, prior to proceeding
with the subsequent stages of surface modification. It is considered that the results obtained
or observed trends, can be extrapolated for sintered samples with C5 since there are no

significant microstructural changes between C4 and C5 conditions.

For this characterisation, cell adhesion, cell morphology, cellular number of

preosteoblasts and mineralisation was assessed and discussed.

Cell adhesion, morphology and proliferation.

Figure 5.29 presents the representative SEM images of the evaluation of adhesion and
morphology of MC3T3-E1 cells on surfaces of the three Ti alloys groups for periods of 4, 24,
48 and 72 h.

Overall, it can be seen that cells number tend to increase with time for all evaluated
compositions. Moreover, cells show a normal morphology, spread through well-developed
lamellipodia and filopodia, which may favour the cellular process. Filopodia and
lamellipodia are thin membrane protrusions located at the cells ends, which act as an
antenna for cells inspecting the surrounding environment. Furthermore, these membranes
are enriched in actin protein. Hence, they are involved in several cellular processes like
wound healing, adhesion to extracellular matrix, cell motility, cell division and cytokinesis,

cell signalling, as well as, cell junctions maintenance and cell shape. [71]-[73].

At 4 h of contact, groups show a different number of attached cells. Groups
THS5Fe25Nb and TH40Nb present a higher number of cells attached, showing good
dispersion; while TH12Nb shows isolated cells clusters. At 24 h, a remarkable increase of

cells number is observed, especially for TH12Nb alloy.

For other periods (48 and 72 h), in general, cells show a similar aspect, rounded or
ovoid morphology with cytoplasmatic extensions in all groups. Also, images suggest an
increase in cell proliferation compared to initial periods (4 and 24 h). After 72 hours, the
adhered cells can be seen in detail (indicated with arrows in Figure 5.29). Cell adhesion and
spreading depend on the topographic features. It is generally considered that longer cell
morphology, showing wide filopodia and large lamellipodia, is preferred to
enhance/promote osteoblastic cell maturation [74]. In three substrates, cells show a flattened
appearance and are communicated by cytoplasmic extensions. Despite the roughness
differences between the surfaces, similar cell adhesion was observed.

Complimentarily, the cell attachment, morphology and cell quantification on each
composition group, after cell culture for 4, 24, 48, and 72 h were also analysed by confocal
microscopy (Figure 5.30). This technique allows to evaluate the coverage area of the cells
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with the cytoplasmatic membrane (marked with red) and quantify/recognise the living cells,
after culture time, by the cell nuclei presence (marked with blue). Note that for this analysis,
cells number seeded onto the substrates was increased to 200 cell/mm?.
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Figure 5.29. Morphology of MC3T3-E1 cells on surfaces after 4, 24, 48 and 72 h of adhesion for all
groups: (a, b, ¢, d) TH12Nb; (d, e, f,g) TH40Nb and (I, j, k, 1) TH5Fe25Nb.
1Detail at higher magnification showing adhered cells (indicated with arrows)
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Figure 5.30. Confocal images showing the cellular morphological changes and proliferation at 4, 24,
48 and 72 h for all compositions: (a, b, ¢, d) TH12Nb; (d, e, f,g) TH40Nb and (1, j, k, 1) TH5Fe25Nb.
Scale bar: 20 pm.

Figure 5.30 suggest that cell proliferation occurs for all composition. Proliferation
can be qualitatively evaluated by the number of blue labelled cell nuclei. The red actin
filaments show the cellular morphology, which was initially spread and flat, with strong

stress fibres. Later, the cells became less flat, with fewer and thinner actin filaments,
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suggestive of a cuboid phase. Cuboidal morphology is a feature of differentiated osteoblasts.
[75]-[77]

Cell quantification is shown in Figure 5.31. Overall, it can be seen that MC3T3
preosteoblasts increase in number with time in all groups, except in TH40Nb composition.
For this composition (TH40NDb), there is and increase between 4 to 48 h, but a significant

decrease at 72 h is observed, showing 40% fewer cells.

1600
] 4h

1400 24h

[ 48h

1200
1000

800 -

Cells/mm?

600
400

200

0-
TH12Nb TH40NDb TH5Fe25Nb

Figure 5.31. Average of cell quantification per area (cells/mm?2) on all Ti alloys after 4, 24, 48 and
72 h.

In contrast, the composition containing 12 wt.% of Nb presents the highest number
of cells, followed by TH5Fe25Nb, and finally TH40ND. It has been reported that cell growth
is highly influenced by sample roughness or topography. It is considered greater roughness
values favour cell adhesion and proliferation [78], [79]. In general, higher roughness can
involve an increase of bonding strength between the bone and implant; which would

improve the implant fixation [80].

For these compositions, the roughness effect is no evident. Samples with higher
proliferation (THI12Nb and TH5Fe25Nb) show similar roughness values (Ra: 0.12 pm),
whereas TH40Nb with the lowest proliferation exhibits higher roughness (Ra: 0.25 pm).
Differences in roughness values can be attributed to different mechanical features for each
alloy, even though the surface preparation was conducted following the same procedure for

all samples.

According to what is reported in the bibliography, Nb is an element with high
biocompatibility; it is not expected that an alloy rich in Nb, such as TH40Nb, presents a lower
preosteoblasts proliferation. Results show good biocompatibility for all tested alloys, which
is comparable to that of Ti6Al4V. Better cell behaviour was observed when in contact with
TH12Nb, followed by TH5Fe25Nb.
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5.6.2. Mineralisation assay.

The mineralization process was evaluated by determining the Ca* levels of the
supernatants, obtained after 21 days of cell culture, onto the Ti alloys surfaces, through

absorbance measurements.

Figure 5.32a shows the calcium deposition, illustrated by alizarin red S (ARS) on the
surfaces after 21 days of culture. Alizarin red S staining is a standard method to determine
calcium deposition of osteoblastic cell culture in vitro [81]-[83]. ARS dyes the mineralised
zones in the surface of dark red colour, denoting calcium specific mineralised zones. It can
be seen that the degree of mineralisation was non-uniform, especially for TH40Nb and
TH5Fe25NDb, since brighter zones like motes, were found. However, most samples surface
was red stained. Besides, it seems that the red colour is more intense for TH12Nb, indicating

higher mineralisation for this composition.
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(a) (b)
Figure 5.32. Mineralisation results of all Ti alloys, after MCT3-E1 osteoblasts cell culture for 21
days. a) Images of calcium deposited (Optical microscopy), and b) Amount of mineralised
calcium deposited on the surface.

Figure 5.32b displays the absorbance measurement related to mineralisation
quantification. Commercial Ti-6Al-4V alloy was used as a control sample. After 21 days, the
cells cultured onto Ti surfaces showed a large calcium amount. The three alloys, developed
in this work, exhibit a similar deposited mineral amount, but slightly lower than the control.
Nevertheless, these results are promising, since the evaluated alloys show mineralisation
similar to the control sample, but are composed of toxic-free elements, related to diseases or

adverse effects harmful to the body.

Moreover, the results obtained are similar, even superior, compared to other 3- type
Ti alloys reported in the bibliography [84], [85]. All tested samples evidence extracellular

164 | Chapter 5



matrix mineralisation after 21 days. Also, the novel Ti alloys, show good cell proliferation
and biocompatibility. All this suggests that these surfaces could be a suitable implant
material that helps accelerate the osteogenic differentiation of MC3T3-E1 cells. Hence, these

substrates are considered appropriate for future modification steps.
5.7. Partial conclusions.

From the results shown in this chapter, the following conclusions can be drawn:

1. Heating rate reduction from 5 °C/min to 2 °C/min, between 450 and 650 °C,
where the main dehydrogenation reaction from d-TiHx to 3-Ti takes place, ensures the
highest hydride decomposition. Therefore, using a sintering cycle (C3) with reduced
heating rate and controlled dehydrogenation, seems to enhance the sample densification,

compared to samples sintered at the same sintering temperature (cycles C1 and C2).

2. Sample TH12Nb shows an (a+) lamellar microstructure for all sintering cycles,
whereas TH40Nb and TH5Fe25Nb show a predominantly 3-phase microstructure. The
most homogeneous microstructures were obtained with sintering cycles C4 and C5

(higher sintering temperatures).

3. Fe improves the Nb diffusion, and final homogeneous microstructure is
obtained for TH5Fe25Nb alloy. Final porosity is determined by the particle size of Fe
employed. Coarse Fe particle size (Fe-1) causes larger closed pores, while finer Fe (Fe-2)

enhances the sinterability, decreasing amount and size of pores.

4. Nb diffusion is very susceptible to the particle size distribution of the starting
powder. In either case, high temperatures are required to promote adequate diffusion.
Employing fine Nb powder (Nb-1), and at least 1250 °C, is required; while with coarser
Nb (Nb-2), it is necessary to increase the sintering temperature to 1450 °C to achieve a

homogeneous microstructure.

5. Nb addition leads to a decrease of the carbon solubility limit in the Ti matrix.

Hence, increasing Nb content promotes carbides precipitation.

6. Young's modulus values achieved for TH40Nb and TH5Fe25Nb (73+12 GPa and
95+14 GPa, respectively) are lower compared to TH12Nb (104+17 GPa) and other typical
(a+p) alloys, but higher than that of the cortical bone; which reach about 10-30 GPa.

7. Fatigue resistance is lower for samples with higher Nb content, reaching values
of 368 MPa, 321 MPa and 338 MPa at 2x10° cycles for TH12Nb, TH5Fe25Nb and TH40Nb,
respectively. Moreover, yield strength, elongation/ductility and mechanical reliability are
also lower for alloys with higher Nb amount (TH40Nb and TH5Fe25Nb). Fractography
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analysis revealed that carbide precipitates, along with porosity, are the main factors

contributing to a decrease in mechanical properties.

8. Heat treatments (HT) conducted at 1300 °C and 1100 °C (from the 3 stability
tield) show smaller precipitates, uniformly distributed inside the (-grains. HTs
performed at 900 °C (from the 3+TiC stability field) cause a carbide dissolution via short

circuit diffusion, significantly reducing the amount of carbides in the matrix.

Ageing treatment favours the formation of thin plate-like a-phase precipitates,
where carbides act as a-nucleation sites. This reduces the size of carbides and could

involve improvements in the fatigue behaviour of TH5Fe25Nb alloy.

9. Regarding biological characterisation, after 72 h of culture, all alloys show signs
of good cell adhesion and cuboidal morphology typical of differentiated osteoblasts.
Moreover, overall, the three alloys present good cell proliferation and present satisfactory
mineralisation results. All this suggests that surfaces could be a good implant material

that helps accelerate the osteogenic differentiation of MC3T3-E1 cells.
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6.1. Introduction.

High wear is one of the main problems related to hip implants, limiting long-term
durability [1], [2]. As a result of wear, metal ions and wear debris are released, which may
damage the cell tissue, having local and systemic effects [3]-[5]. Additionally, the continuous
release of wear debris may affect the fixation causing implant loosening and thus, ultimately
leading to implant replacement [6], [7]. The development of new Ti alloys with improved
wear and tribocorrosion resistance is needed to avoid adverse biological effects and early

implant failure.

Surface engineering techniques have been employed to enhance wear resistance
since, usually, harder alloys exhibit better wear resistance [8]-[10]. Oxidation, carburising
and nitriding are within the most popular thermochemical treatments employed to enhance
the surface properties of Ti and its alloys [11]. Nitride coatings are considered a good
candidate, since they show high adhesion to the metal substrate and present good wear and
corrosion resistance. Nitriding treatment involves interactions between nitrogen and the
metal surface in order to produce a hard external layer composed of TiN and TizN phases
that protects Ti substrate [12]-[15]. Due to inward nitrogen diffusion, nitrogen dissolves into
the Ti matrix, forming internal nitride precipitates beneath the compound layer. The high
nitrogen solubility in «-Ti leads to the formation of a-Ti(N) solid solution, which has a
hardening effect on the substrate, producing a hardness gradient in the diffusion zone.
Hardness values decrease from the surface inward due to the decrease in nitrogen

concentration. [16], [17]

Alternatively, the development of titanium matrix composite (TMC) incorporating
hard particles such as TiC, TiBz, SiC and TiN, have also been studied to improve wear
resistance owing to the significant hardness increasing. [18]-[21]. An appropriate
reinforcement compound should have good interfacial bonding between the metal matrix
and reinforcement, avoiding the formation of reaction products at the interface. In addition,
it should exhibit high thermodynamic stability in the Ti matrix at the sintering temperature,
high hardness, and a low difference in thermal expansion coefficient to avoid residual
thermal stress generation, which might compromise mechanical properties [22], [23]. TiB2
and TiN could be candidates to produce TMC for biomedical applications since they comply
with reinforcement requirements and show similar cytotoxicity to CP-Ti.[24], [25]. One of
the disadvantages of TMC is that they tend to increase the elastic modulus, which is

unfavourable for implant materials. [26]
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In this chapter, B-Ti alloys (TH40Nb and TH5Fe25Nb) are modified using two
different routes: (1) development of titanium matrix composites by incorporation of 5 vol.%
of ceramic particles and (2) nitriding surface treatments using different substrates. Figure 6.1
summarises the routes followed; the samples processed indicating the nomenclature used

from now onward for each sample.

As-sintered alloy

TH40Nb
THSFe25Nb
|
| |
Route 1 [ Titanium matrix ] Gas nitriding
composite GN-TH40
| GN-TH525
TiB,
TH40-TiB, THA0-TiN
TH525-TiB, TH525-TiN
|
Plasma nitriding
PN-TH40(TiN)
PN-TH525(TiN)
Route 2

Figure 6.1. Schematic of the modified 3-Ti alloys and nomenclature used for each sample.

This chapter describes the microstructural features obtained for all processed
samples. Mechanical properties (hardness and elastic modulus) are also analysed
considering the microstructures. Finally, wear resistance was evaluated by dry sliding tests

against an alumina ball, applying 10 N and 20 N load.

6.2. p-Titanium matrix composite materials by addition of

ceramic reinforcement.

6.2.1. TiB2 reinforced B-Ti composite.

To facilitate the comparison between TiB: and TiN reinforced and unreinforced
alloys, the microstructures of the base alloys (TH40Nb and TH5Fe25Nb) are shown in Figure
6.2. To summarise, both base alloys exhibit a predominantly (3-Ti microstructure with
elongated and thinner TiC precipitates (dark phase), which are preferentially located at the
grain boundaries. Additionally, TH5Fe25Nb composition has smaller amount of porosity
than TH40NDb. Details of the employed processing condition to obtain the composites are

given in Section 3.6.1.
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(@ (b)
Figure 6.2. BSE-SEM images for unreinforced sintered 3-Ti alloys. a) TH40Nb and b) TH5Fe25Nb.

Microstructures for TiB: reinforced alloys are shown in Figure 6.3. It can be seen that
TiB: addition has totally modified the microstructure. For the TH40-TiBz sample (Figure
6.3a,b), the following features are observed: the 3-Ti matrix (indicated with A) and several
precipitates (labelled as B) that appear to form agglomerates in some areas, leaving part of
the matrix unreinforced. These agglomerates indicate a poor dispersion of TiB2 particles,
generating heterogeneities that may affect the mechanical reliability of the alloy due to a non-
uniform distribution of the in-situ reinforcements formed in the matrix. Moreover, a dark
phase (indicated with C) is observed located mainly at the grain boundaries for this
composition. In contrast, the TH525-TiB2 composition (Figure 6.3c,d) presents a bright phase
corresponding to the B-Ti matrix (A), small and thin precipitates (B), which are almost
imperceptible at low magnification, and darker areas (C) were also observed, but they are
uniformly distributed in the matrix. In general, the bright phase (A) is alloying elements
riched, the darkest phase (C) is mainly Ti composed, whereas grey precipitates (B) are boron-

rich.

Both TiB2 reinforced alloys show a significant decrease in grain size compared to the
untreated alloys.TH525-TiB: exhibits a more refined and less porous microstructure than
TH40-TiB2 composition. This refinement effect was expected since it has been claimed

repeatedly in the bibliography even when low TiB: content is used. [27]-[29]

Titanium boride precipitates can be formed by different solid-state reactions,
indicated in Table 6.1. Even though reactions (2-4) have lower Gibbs free energy than
reaction (1), they cannot spontaneously occur, since boron is not available as ion in the lattice
to react with Ti or TiB. Moreover, it has been reported that reaction (1) is the most favourable
reaction when there is a Ti excess, and the boron content in the reaction zone is less than 18
wt.% [22], [30]. Hence, it is reasonable to deduce that, in this case, precipitates are formed in
the B-Ti matrix by reaction of the TiB: particles with Ti particles to form the
thermodynamically stable TiB through the matrix following the reaction (1). The TiB grows
as pristine single-crystal whiskers in the matrix. TiB whiskers have a preferential growth
along [010] direction that occurs by the one-way diffusion of boron atoms, favoured by the
strong B-B bonds in the [010] direction. Hence, the precipitate grows faster in the
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longitudinal direction than in the transverse direction, leading to the formation of precipitate

with a characteristic whisker or needle-like morphology. [22]

(a) (@

‘7 _ 10 um

(b) (d)
Figure 6.3. BSE-SEM images for reinforced {3-Ti alloys with 5 vol.% of TiB. (a-b) TH40- TiB2 and
(c-d) TH525-TiB2.
A is indicating 3-Ti matrix, B boride precipitates and C dark phase.

Table 6.1. Gibbs free energy of formation of different titanium borides calculated at the

sintering temperature (1400 °C) using Thermocalc software.

Reaction AG (]) at 1400 °C
(1) Ti+TiB, — 2TiB 26.455
) TiB + B > TiB, 97.640
(3) Ti+B - TiB -150.549
(4) Ti + 2B — TiB, -248.191

Different morphology of precipitates is observed in Figure 6.3c,d. This is due to the
whisker orientation during metallographic observation; the elongated whiskers correspond
to the longitudinal/transversal section, while those with prismatic-like morphology
correspond to the whisker cross-section. Furthermore, precipitates exhibit different colour
contrasts, suggesting a mixture of titanium a niobium boride was obtained. Considering that
NbB and TiB show high mutual solubility, the presence of a mixed boride is not surprising.
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XRD patterns displayed in Figure 6.4 confirms the phases detected by SEM. It can be
distinguished B-Ti phase (ICDD 01-089-4913) corresponding to the matrix, and TiB (ICDD
01-073-2148) and NbB (ICDD 01-089-2309). No evidence of TiB: phase was detected,
suggesting a complete transformation of TiB> powder into TiB. A shift is observed in the
peaks corresponding to the 3-Ti matrix. In both alloys, these peaks are shifted to the left, to
smaller angles than for pure 3-Ti. This fact is attributed to lattice distortions caused due to
the incorporation of alloying elements into the Ti lattice. TH40Nb composition has a higher
alloying element content than TH5Fe25Nb, which explains the greater displacement in the
TH40NDb sample. This behaviour was also observed before the addition of ceramic particles.

This suggests that the TiB2 addition does not impair the matrix stability of both alloys.

o 3-Ti (01-089-4913) ® NbB (01-089-2309) + TiB (01-073-2148)

b N —— TH525-TiB, —— TH40-TiB,

® . .
f Rt el
25 3I0 3I5 4I0 4I5 5IO 5I5 6I0 6I5 7IO 7I5 80

Angle 26
Figure 6.4. X-ray patterns diffraction of TMC alloys with 5 vol.% of TiB.

Due to the complex microstructure, a more detailed analysis was performed. EDS
line scan measurement was done in order to evaluate the composition changes within a
precipitate, and it is shown in Figure 6.5a. Complementary, to evaluate how the composition
of the different phases identified varies, elemental compositional mapping was conducted
(Figure 6.5b).

Contrasting both results, four regions can be identified: region 1 corresponding to the
surrounding [-Ti matrix, region 2 and 3 correspond to the precipitates and, region 4
corresponds to the dark phase. Concerning the boride precipitate, it can see that the central
part of the boride is enriched in Nb, whose composition is 25 at.% Nb, 30 at.% Ti and 45 at.%
B; while the outer part presents about 17 at.% Nb and a higher Ti content, which decreases
or increases as it approaches or moves away from the Nb-rich section, respectively. Ti
content varies from 57 to 35 at.%. The dark phase (region 4, identified with letter C in Figure
6.3) is mainly composed of Ti; a drastic decrease in both B and Nb can be observed in this
region. This can be better seen in the mapping, where the Nb or B presence in the darker

phase is not highlighted. EDS measurements performed in similar regions for both alloys
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corroborate this finding, namely, that this phase is a Ti-rich phase, containing about 95 at.%
Ti. A similar Ti-rich phase was reported in TiB2 reinforced TiFeMo alloys processed by
vacuum sintering, spark plasma sintering and hot isostatic pressing. No details about the
formation mechanism of this phase are given in this work [31]. It is possible that this Ti-rich
zone is a result of Nb depletion (depletion zone) due to the formation of mixed Ti-Nb mixed

borides

(b)
Figure 6.5. Detail of the composition of the precipitates in TH40-TiBz sample. a) EDS line scan
(composition is indicated in at.%) and b) Compositional mapping.

To further evaluate the morphology of the precipitates, samples were deeply etched
with Kroll's reagent in order to remove the (3-Ti matrix and reveal the morphology and
distribution of whiskers (Figure 6.6).

Whiskers surface is well defined and faceted. Both alloys exhibit whiskers with
random orientation; nevertheless, significant differences are observed between both alloys
concerning the distribution, amount and size of the whiskers reinforcements, despite the fact
that the TiB2 volume fraction added to both compositions is the same (5 vol.%). Many of the
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reinforcements formed in TH40-TiB: exhibit a hexagonal cross-section, while in TH525-TiB:,

they have flatter edges.

Figure 6.6. BSE-SEM images for reinforced (3-Ti alloys with 5 vol.% of TiB: after deep etching. (a-b)
TH40- TiB2 and (c-d) TH525-TiB:

It is noticeable that precipitates in the TH40-TiB2 samples appear to be coarser and
seem to be a lower quantity than those observed in TH525-TiBz. TiB whiskers of TH525-TiB
appear to be dense, while some of the whiskers in TH40-TiBz samples show some internal
porosity, as shown in Figure 6.6a,b. Similar behaviour has been reported for TiB whiskers
obtained by solidification, where a shrinkage produced during TiB transformation generates
hollow cores [32]. The TiB formed in the TH40-TiB: sample does not seem to be well
integrated into the matrix and tends to form clusters composed of bigger precipitates. In
contrast, the reinforcements in TH525-TiB: are better distributed throughout the 3 matrix
and appear to be embedded into the matrix, which could be favourable to improve the

mechanical properties of the material.

The clustered whiskers formed in TH40-TiB2 could be attributed to two reasons: (1) a
poor dispersion of TiB2 particles and (2) few contact points between Ti and TiB: particles. It
has been reported that for high TiB2 volume fractions in Ti-TiB2 composites, the TiB whiskers
tend to group, generating a kind of monolithic form, coarsening the precipitate [33]. This
reasoning can be applied to the TH40Nb sample, to the areas where the agglomerates of the
TiB2 particles are found, which may explain the whiskers' size difference.
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On the other hand, the volume fraction of Nb particles in TH40-TiB: is higher than
TH525-TiB2 (25 vol.% and 14 vol.%, respectively). Hence, the amount of Ti-TiB: particle
contacts is reduced, which increases the dependence on Ti backward diffusion, across the
Nb particles, into TiB: regions to form TiB [34]. It has been found that the reduction of Ti-
TiB2 contacts favours the formation of coarser and shorter precipitates [28], [32]. While in
TH525-TiBo, the nucleation of new whiskers is favoured more than their thickening, resulting

in a high density of thin and interconnected precipitates.

The morphology and relative proportions of precipitates formed during the in-situ
reaction in the composite material are influenced by many factors. Some of them are: (1)
boron diffusion through TiB to lead to whisker growth, (2) the starting fraction of Ti and TiB2
particles, (3) the powder packing and (4) the location of powder particles in the starting
mixtures. Intimate contact between Ti and TiB: particles is desired to promote a

homogeneous distribution of the reinforcements.

It is considered that the use of TiH> powder as Ti source does no affect the
precipitation and growth mechanisms of TiB, due to the fact that it has been demonstrated
that TiB starts to form in the temperature range of 800-1100 °C, that means, when the
dehydrogenation process is almost completed [35]-[39]. Although dehydrogenation should
not affect the formation of precipitates, the microstructural changes produced after TiH:
transformation could affect. Within this temperature range (800-1100 °C), Kirkendall
porosity is generated, especially for the TH40Nb sample (See Chapter 4), due to the diffusion
of Nb particles in the Ti matrix. This could modify the arrangement of the TiB: particles,
altering the contact points between the Ti and TiB: particles. This is just a hypothesis; more
detailed studies are needed to confirm it. The processing of this type of samples is complex
to analyse since many simultaneous processes take place simultaneously, such as
dehydrogenation, phase transformation from a-Ti to 3-Ti, diffusion of the alloying elements
and, their incorporation into the precipitates formed in-situ, as well as sample densification.

All this makes it difficult to follow each process and how it can affect the rest.
6.2.2. TiN reinforced p-Ti composite.

The microstructures of TiN reinforced samples are displayed in Figure 6.7. Two well-
differentiated phases can be identified, where the bright zones correspond to the 3-Ti matrix
and the dark regions correspond to reinforcement particles of TiN. No evidence of interface
defects was found, which implies good interfacial bonding between matrix and

reinforcement.

Both TiN reinforced alloys showed a similar volume fraction of the ceramic
reinforcement, measured using the Image J software, reaching about 34.6% and 36.6% for
TH40-TiN and TH525-TiN, respectively. Although both alloys have a similar reinforcement
volume fraction, images suggest a different distribution of this phase. TH525-TiN seems to
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exhibit a better distribution of reinforcement particles through the 3-Ti matrix, whereas in
TH40-TiN, agglomerates or clusters of reinforcement particles can be seen. The volume
fraction of reinforcement is surprising, since it appears that there is a significant increase,
considering the initial powder mixtures contains just 5 vol.% TiN. This suggests there are

several reactions between the matrix and particle reinforcements taking place during

sintering.

il
(b)
Figure 6.7. BSE-SEM images for reinforced (3-Ti alloys with 5 vol.% of TiN. (a-b) TH40-TiN and (c-
d) TH525-TiN

"k

N 4
N w2

XRD results (Figure 6.8) coincide with the observed in SEM images. Two phases were
identified. The most intense peaks correspond to the {3-Ti matrix, whereas the minority
phase, corresponding to the reinforcements, coincides with the TiNos phase with HCP crystal
structure (ICDD 00-041-1352). This nitride composition is in agreement with the EDS
measurements (Table 6.2), where reinforcements exhibit a reduction of the stoichiometric
nitrogen amount of the TiN compound, showing about 25-30 at.% of N. EDS indicates that
the Nb of the matrix migrated toward nitride to form a mixed Ti/Nb nitride. The Nb
concentration in the nitride is higher for the alloy with a higher Nb amount. The average
detected amount was 6 and 4 at.% of Nb for TH40-TiN and TH525-TiN, respectively.

Furthermore, it was found that both (-Ti matrices become slightly enriched in
alloying elements (Nb and Fe) compared to their starting compositions. This leads to the
assumption that Ti diffuses out to the matrix to react with nitrogen from the reinforcement
particles and to further form new nitrides. Depending on nitrogen content, this could
produce a solid-solution strengthening effect as nitrogen content increases, which would
imply further enhancement of the mechanical properties. [16], [42], [43][40], [41].
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Figure 6.8. X-ray patterns diffraction of TMC samples with 5 vol.% of TiN.

Table 6.2. EDS measurements conducted in interest zones of TiN reinforced alloys

expressed in atomic per cent.

TH40-TiN TH525-TiN
at. % Matrix Reinforcement Matrix Reinforcement
Ti 70.0 (54.5)* 66.3 (77.5) 75.4 (64.1) 70.3 (82.3)
Nb 30.0 (45.4) 5.7 (13.0) 17.6 (29.0) 3.9 (8.8)
Fe - - 7.0 (6.9) -
N - 28.0 (9.5) - 25.8 (8.9)

* Amount in () indicates the composition in weight per cent.

The fact that the ceramic phase fraction has increased from 5 vol.% (incorporated in
the mixture of powders) to 35 vol.% (measured by Image J), suggests that dissolution
processes have occurred between the matrix, alloying elements and TiN particles, which
allows the growth of reinforcement phase. A hypothesis could be that this growth could be
produced by the Nb incorporation into the Ti matrix. This could explain the higher Nb
content detected in the TH40-TiN reinforcements (Table 6.2). In the TH40-TiN case, the
nitride particles are agglomerated, which leaves some pores between them. While in TH525-
TiN, the nitrides are more dispersed. Nitrides do not contain Fe, because it is completely
dissolved in the Ti matrix. Therefore, it is possible that Fe could limit the Nb dissolution into
nitride particles, explaining the lower Nb content in the TH525-TiN reinforcements than
those of TH40-TiN.

Considering EDS and XRD results, it can be concluded that there was nitrogen lost
during sintering, which changes the nitride stoichiometry from the starting TiN to TiNozs
phase. It has been reported that nitrogen loss is a common problem observed in vacuum-
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sintering of cermets or composite materials containing Ti(C, N) and TiN [44], [45]. During
vacuum-sintering, part of the nitrogen is removed; this released gas can be trapped between
the particles, generating internal porosity, as shown in Figure 6.7b. Internal porosity seems
to be more noticeable for TH40-TiN alloy than TH525-TiN. Internal porosity can also be
formed due to incomplete nitride-nitride sintering by the coalescence of initial TiN particles,

which leaves some pores between them and the Ti matrix.

TiN reinforcements are bigger than the raw TiN powder (1-3 um), suggesting that
the re-precipitation process could occur during sintering. Even though nitrogen loss was
observed for both alloys, obtaining the same reinforcement phase TiNos, images suggest that
TH525-TiN sample exhibits less coalescence among TiN particles, which results in a more

homogeneous phase and bigger reinforcement size compared to TH40-TiN composition.

It is well known that Fe addition improves the sinterability of Ti alloys and increases
the self-diffusion coefficient of Ti, which may enhance the diffusivity of the other elements
[18]. Fe addition likely affects the diffusion process during sintering, promoting the sample
homogenisation, whereas Nb may act as a diffusion barrier. Hence, this may explain the
better sinterability observed in the TH525-TiN sample compared to TH40-TiN.

To summarise, reinforced Ti alloys present completely different microstructural
features for both reinforcement compounds, TiN and TiB2. TiB2 and TiN addition seems to
reduce the grain size of the samples (Figure 6.2). This is because ceramic particles prevent

grain growth causing a grain size refinement effect [46], [47].

TiB2 composite samples exhibit a wide variety of whisker-like precipitates (in terms
of size, distribution and chemical composition) as reinforcement phase. The TiB precipitates
morphology varies depending on the alloy composition. Processing of in-situ TiB reinforced
alloys is a more complex process than the processing of TiN reinforced alloys. The formation
mechanisms of TiB whiskers are still not entirely understood, so the processing of TiB2
reinforced alloy should be further investigated, in order to achieve a controlled and
homogeneous microstructure. In contrast, TiN reinforced alloys show similar particulate
reinforcements for both treated alloys. TiN reinforced materials are more homogeneous than
TiB reinforced materials, which could contribute to achieving more uniform and improved

properties.
6.3. Development coating by nitriding treatment.

6.3.1. Gas nitriding treatment.

Figure 6.9 shows the microstructure obtained after gas nitriding (GN) treatment of
both TH40 and TH525 alloys. The microstructure of nitrided samples is altered by nitriding
temperature, gas purity, and the kind of Ti alloy treated (&, a+f or ). Alloying elements
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play a key role in the final microstructure; they can alter the diffusion front of nitrogen, since
the diffusivity and solubility of nitrogen in each element may vary. Moreover, it is
considered that both nitride layer thickness and diffusion region increase with increasing

nitriding temperature [48]

(b)

(b) ‘ (d)
Figure 6.9. BSE-SEM images for nitrided samples: (a-b) GN-TH40 and (c-d) GN-TH525.

Even though gas nitriding treatments were conducted under the same conditions, it
can be observed that nitriding results in different microstructural features for the two
compositions evaluated. Several morphologies of precipitates, as well as evident differences
in the depth of the diffusion zone, can be seen in Figure 6.9. Simplifying the microstructure,
it can see that it is composed of the following phases: 1) The coating layer, 2) 3-Ti matrix and,

3) Internal nitrogen-rich precipitates.

Concerning the coating layer, both alloys show a continuous and homogeneous
nitride layer, covering the whole sample surface. Both samples exhibited a golden yellow
colour, typical of titanium nitride. This layer seems to be compact and well adhered to the
substrate. The thickness of the nitride layer was higher for sample GN-TH525 than GH-
TH40, reaching around 3.35 + 0.61 um and 1.17 + 0.41 pum, respectively.

A small Nb amount in the coating was detected by EDS measurement. The results for
GN-THA40 were 49.7 at.% Ti, 44.7 at.% N and 5.5 at.% Nb, while for GN-TH525, they were
44.9 at.% Ti, 53.9 at.% N and 1.2 at.% Nb. TiN is the most thermodynamically stable nitride
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of the Ti-Nb-N system, for this compositional range and temperature. Nevertheless, pure
TiN is not usually found in this kind of system, since the compounds 6-TiN and 6-NbN
present complete solid solubility between them. Therefore, for a wide compositional range
of Ti-Nb alloys, Nb tends to migrate to form a nitride. As a result, a Ti-rich nitride phase with
some Nb amount (8-(Ti, Nb)N) will be the nitride in equilibrium with the metallic phase.
GN-TH40 has higher Nb content than GN-TH525; hence, a higher amount of Nb in the

coating was expected.[49]

The Nb amount strongly influences the final microstructure. Samples with higher Nb
content (GN-TH40) show small nitrogen-rich precipitates in almost the whole cross-section
(about 2.5 mm), and precipitates at the grain boundaries are also observed. On the other
hand, samples with lower Nb content (GN-TH525) achieved a significantly lower diffusion
zone depth, reaching up to 6.5 um in thickness. Nitrogen-rich precipitates for this sample are
coarser and seem to have a preferential orientation relationship with the (3-Ti matrix, as the
precipitate gets bigger [50]. The decrease in precipitates size coincides with the findings
reported by Buscaglia et al. They found that the precipitates, formed by nitriding of several
Ti-Nb alloys, become thinner and smaller as Nb content increases. This is mainly attributed
to the nucleation frequency that changes orders of magnitude as the alloy composition
changes [49], [50]. The alloying element addition affects the nitrogen solubility and nitrogen
transport mechanisms; and, therefore, affects the nitrogen interactions with the different
elements of the alloy.[16], [51]

Figure 6.10 shows diffraction patterns obtained from the top surface of both alloys
before and after nitriding. The presence of peaks corresponding to the (3-Ti phase of the
matrix indicates that the phases detected correspond to both the nitride coating and internal
precipitates. The phases identified for both alloys were 3-Ti (ICDD 01-089-4913), a-Ti (ICDD
01-089-4893), TiN (ICDD 03-065-0414) with FCC crystal structure, Nb2N (ICDD 00-039-1398)
with HCP crystal structure, and HCP TiNos (ICDD 00-041-1352).

An interesting observation in the (3-Ti matrix can be made by comparing the TH40Nb
and GN-TH40 XRD results. For untreated TH40ND alloy, the most intense peak of 3-Ti phase
is located at 38.47°, whereas after gas nitriding treatment, the 3 phase was decomposed into
two phases (Figure 6.10b): an intense peak at 38.40° corresponds to Nb (ICDD 01-089-4760),
and a small peak at 38.75°, corresponding to the 3-Ti phase was found. This finding may be
attributed to a Nb enrichment of the 3 phase near the surface, where the highest amount of
nitride is present. During nitriding, there is an active diffusion of the alloying elements from
the most nitrogen-rich part (i.e., near the surface), towards the interior of the sample. Hence,
a redistribution of alloying elements between the external nitride coating layer, the matrix
and the nitrogen-rich diffusion area occurs. B-stabiliser elements enrich the 3 phase due to
the preferential Ti segregation into the nitrogen-rich precipitates and nitride coating layer.
The Ti segregation toward nitrogen-rich phases leaves the matrix depleted in Ti and enriched
in Nb. [50]
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Figure 6.10. X-ray diffraction of the top surface of untreated and gas nitrided 3-Ti alloys. (a-b)
TH40ND alloy; and c¢) TH5Fe25NDb alloy.

EDS measurements of both alloys performed at different depths support this fact
(Table 6.3). In the centre of the sample, where no nitrogen-rich precipitates were found (GN-
TH525 case), or they are very thin precipitates present (GN-TH40 case), the matrix
composition is similar to the theoretical composition. In contrast, close to the surface, where
the nitride coating layer and a high number of nitrogen-rich precipitates are present, the
matrix has about 16-13 at.% less Ti than the starting composition, and Nb and Nb/Fe

enrichment.

Table 6.3. EDS measurements (in atomic per cent) of the metal matrix at different depth of the
coating layer for gas nitrided samples.

GN-TH40 GN-TH525
Startif'lg‘; Close to Centre Startiflg‘; Close to Centre
composition  surface composition surface
Ti 74.4 (60.0) 58.8 75.1 80.3 (70.0) 67.4 79.5
Nb 25.6 (40.0) 41.2 24.9 14.8 (25) 23.6 17.2
Fe - - - 4.9 (5.0) 9.0 4.3

*() indicate the composition in weight per cent.
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The lower intensity of the (3-Ti phase observed in GN-TH525 compared to that in GN-
THA40 could be attributed to the higher thickness of the coating layer of GN-TH525. The high
intensity of the Nb2N peak (around 60°) and the weak intensity of TiN peaks was unexpected
since this does not coincide with EDS analysis, in which it was determined that the coating

layer is mainly composed of TiN.

This mismatch is because conventional XRD measurement, in some cases, is not
suitable for characterising thin films since it generally produces a weak signal from the
coating and an intense signal from the substrate. Grazing incidence X-Ray diffraction
(GIXRD) reduces the penetration depth of the X-ray beam, minimising the substrate
contribution, which is useful when studying thin films [52]. Hence, GIXRD measurements
were conducted to better understand which phases correspond to the nitride coating layer
and which correspond to the internal nitrogen-rich precipitates. Results are shown in Figure
6.11.

—— GH-TH525 —— GN-TH40
E ¢ o B-Ti (01-089-4913) @ 5-TiN (01-087-0629)
* {TioN (01-076-0198) x TiO (01-086-2352)

30 3 40 45 50 55 60 65 70 75 80
Angle 20

Figure 6.11. X-ray pattern diffraction with grazing incidence of 1° of gas nitrided samples.

According to GIXRD results, the coating layer of GN-TH525 samples is composed of
Ti2N and 6-TiN, while in GN-TH40, it is composed of §-TiN. In addition, small peaks of TiO
(ICDD 01-086-2352) were also detected in GN-TH40, indicating contamination problems
during treatment due to the high Ti affinity with interstitials elements [53]. TH5Fe25Nb alloy
contains a higher Ti amount than TH40Nb; so TH5Fe25Nb should have more risk of

contamination. However, TH5Fe25Nb does not present titanium oxides.

Having confirmed the coating phases, it can be concluded that internal precipitates
are a combination of Nb2N, TiNos and «a-Ti; the latter enriched in nitrogen (a-Ti(N)).

The formation of precipitates mainly depends on the concentration and solubility of
nitrogen. It is expected that nitrogen concentration decreases throughout the sample at
greater depth. Since the GN-TH40 sample shows precipitates along the whole cross-section,
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it is interesting to evaluate how these precipitates vary at different depths. For this, XRD

measurements were conducted at 100 and 500 um of depth (Figure 6.12).
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Figure 6.12. X-ray pattern diffraction of GN-TH40 samples at different depth.

Although the same phases were detected (TiNos and (3-Ti) at both depths, the peaks
intensity is different. It can be seen that the intensity of the TiNos phase is lower at 500 pm
than at 100 um. This is attributed to the fact that as the depth increases, the amount of
precipitates decreases, and they become smaller and more separated from each other, which
reduces the contribution of this phase. Furthermore, as depth increases, the 3-Ti phase is
recovered, obtaining a single peak corresponding to this phase. This confirms that the matrix
becomes Ti depleted near the surface due to a great concentration of nitrides precipitates,
while it keeps stable moving away from the surface, where both size and amount of nitrogen-

rich precipitates is reduced.

The Nb2N phase was only detected in conventional XRD measurements made on as-
nitrided surfaces (Figure 6.10). This suggests that Nb2N precipitates are found close to the
nitride coating layer, at a relatively shallow depth. The increase in the Nb concentration in
the matrix (Table 6.3) due to Ti depletion just beneath the coating layer, together with the
nitrogen-rich environment, may favour the formation of Nb:N precipitates. At greater
depths, these precipitates do not form since the Nb content decreases. The formation of TiNo.
and a-Ti precipitates mainly depends on the concentration and solubility of nitrogen. In gas
nitriding treatment, nitrogen concentration decreases throughout the sample at greater
depths. Internal nitrogen-rich precipitates through the whole cross-section of GN-TH40
highlight the strong dependence of alloying elements on the nitrogen diffusion and nitrogen
diffusivity in the Ti matrix (o and 3 phase). Alloying elements may act as a barrier to nitrogen
diffusion. In the case of low-diffuser elements such as Nb, this effect could be intensified.
Hence, it is reasonable to deduce that the higher Nb content, the slower the nitrogen
diffusion. Based on this, it would be expected that nitrogen diffusion and dissolution
throughout the matrix is limited in GN-THA40 alloy, due to the high amount of Nb-rich zones,
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that may act as nitrogen pin sites. Hence, when nitrogen concentration reaches locally the
critical value, above 34 N at.%, TiNx precipitates are formed. On the contrary, since GN-
TH525 has lower Nb amount, nitrogen can dissolve throughout the whole Ti matrix, before

reaching the critical nitrogen concentration, avoiding the formation of precipitates.

Nitriding of Ti alloys is a complex process because it involves several simultaneous
reactions at the interface between the gas and metal and within the substrate and with
different elements. Nitriding can be summarised as follows: nitrogen diffuses from the
sample surface inward, it dissolves into 3-matrix to form a solid solution with nitrogen. The
solid-solution is quickly transformed into a-Ti phase due to the low nitrogen solubility limit
in 3-Ti phase (6.2 at.%/2.1 wt.%). The resulting a-Ti phase is also nitrogen-rich (a-Ti(N)),
forming a solid solution. The a phase is preferentially formed at the grain boundary of the
B-Ti phase and tends to grow into the substrate with a needle-like morphology. When
nitrogen concentration exceeds the nitrogen solubility limit in a-Ti(N), it is gradually
transformed into different nitrides, depending on the surrounding matrix composition by a
reaction-diffusion process. Later, when nitrogen concentration becomes high enough,
different reactions occur on the surface to form the coating layer composed of TiN/Ti:N or
TiN phase by a reaction-diffusion process [11], [50], [54], [55]. The region where nitrogen
diffuses is known as a gas-saturated area, where improvement in mechanical properties is

expected due to solid solution strengthening effect.
6.3.2. Plasma nitriding.

Figure 6.13 displays the cross-section of TiN reinforced alloys coated by plasma
nitriding (PN-TH40(TiN) and PN-TH525(TiN)). After treatment, both alloys become golden,
confirming the formation of the titanium nitride layer. Both alloys show similar coating
thickness, reaching about 1 um. Coating layer seems compact, dense and uniform; however,

some cracks and voids can be seen at the interface coating/alloy.

Small voids could be formed due to irregularities in the sample surface (Figure
6.13¢,f). Since samples are composed of two phases (metal matrix and ceramic particles) with
different hardness, so some residual stresses between TiN particles and the metal matrix
could be generated during polishing (previous to plasma nitriding), affecting the adhesion
of these areas. Cracks are preferentially formed above reinforcement particles, suggesting

poor adhesion between the coating layer and the substrate.

Thermal expansion coefficients (CTE) of ceramics are usually lower than metals. At
room temperature, TiN and Ti have a CTE of 9.4x10-/K and 8.6x10-%/K [22], respectively; as
temperature increases, the CTE difference between these materials becomes higher, reaching
about 9.5x10/K [56] and 11x10¢/K [57], respectively (at 400 °C). The thermal expansion

mismatch between coating and the two substrate phases causes thermal stresses leading to

Improving wear behaviour of B-Titanium alloys | 193



coating cracking at the interface [58]. Internal cracks compromise the coating adhesion and
reduce its mechanical reliability, which is undesirable. Cracks are not generated in gas
nitrided samples because the TiN coating is composed of a single 3-Ti phase instead of 3-Ti

phase matrix and TiN particles.
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Figure 6.13. BSE-SEM images of the cross-section of TH40-TiN and TH525-TiN alloys after plasma
nitriding treatment. (a-c) PN-TH40-TiN and (c-d) PN-TH525-TiN.

Unlike gas nitriding treatment, no significant precipitates were found below the TiN
coating. This could be related to the fact that plasma nitriding was conducted at 400 °C,
which is lower than the temperature employed in gas nitriding. At this temperature, inward

nitrogen diffusion is limited. Some nitrogen may diffuse into the substrate, forming a solid
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solution, initially with (3-Ti, and then, as nitrogen content increases, forming a-Ti. It has been
reported that nitrogen enrichment in the diffusion zone due to solid solution results in a

hardness gradient. The higher the nitrogen content, the higher the hardness obtained.

A phase with fine plume-like morphology was observed in PN-TH525(TiN) (Figure
6.13d), which may correspond to nucleation sites of the a-Ti phase. Similar morphology was
observed in TH5Fe25NDb after ageing, where dissolved titanium carbides acted as a phase
nucleation sites (See Section 5.5.1). This phase was not found in PN-TH40(TiN).

EDS measurements indicate matrix composition, just below the coating, is 66.2% Ti,
24.8% Nb and 9.0% N for PN-TH40(TiN) sample; whereas for PN-TH525(TiN), it was 64.7%
Ti, 13.4% Nb, 7.1% Fe and 14.7% N. Compositions are expressed in atomic per cent. PN-
TH525(TiN) presents a higher nitrogen content than PN-TH40(TiN). Higher nitrogen
concentration suggests a higher solubility in the PN-TH525(TiN) matrix, explaining the
plume-like a phase formation (Figure 6.13d). A greater hardness increasing would be
expected for PN-TH525(TiN) as compared to PN-TH40(TiN) due to the higher nitrogen

content dissolved into the matrix.

Even though there is nitrogen in the matrix, no internal nitrogen-rich precipitates will
be formed if nitrogen concentration is not high enough to form a nitride. TiN particles act as
a barrier, since nitrogen diffusivity into TiN is several orders of magnitude lower than that
of nitrogen into Ti. Hence, it is reasonable to consider that areas occupied by reinforcement
particles further limit nitrogen diffusion, impeding thus the formation of large internal

nitrogen-rich precipitates.

Although the nitrogen diffusion is slow, there are regions with enough nitrogen
concentration, where some internal precipitates beneath the coating layer are formed, as
shown in Figure 6.13. Large and fragmented precipitates that grow from the TiN layer
toward the matrix can be seen. The chemical composition of these precipitates was
determined by EDS analysis. Results show a nitrogen content in the range of 28-24 at.%. For
both alloys, the N/Ti atomic ratio was about 0.3, suggesting that precipitates correspond to
the TiNos phase.

XRD patterns diffraction of the sample surface before and after plasma nitriding
treatment are shown in Figure 6.14. The phases identified are: the 3-Ti corresponding to the
matrix; TiNos corresponding to the ceramic reinforcement and internal nitrogen-rich
precipitates; and 6-TiN corresponding to the coating layer. a-Ti phase was not detected in
PN-TH525(TiN) samples, which suggests only a small amount of a-Ti, below XRD detection

limit, was formed.
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Figure 6.14. X-ray pattern diffraction of the top surface of untreated and plasma nitrided (PN)
B-Ti alloys: a) TH40-TiN alloy and b) TH525-TiN alloy.

Gas nitrided samples exhibit a thicker and well-adhered TiN coating layer, compared
to the coating obtained by plasma nitriding. The secondary reinforcement phase affects the
coating adhesion with the substrate, forming cracks due to differences in the coefficient of
thermal expansion of TiN and metal matrix. In contrast, gas nitrided samples, being
composed of a single beta-Ti phase, do not present cracks at the coating/substrate interface.
On the other hand, the influence of temperature treatment on the diffusion zone can be
highlighted. As temperature decreases, nitrogen diffusion decreases, and consequently, the
diffusion zone also decreases. This may imply a limited strengthening effect. In this regard,

as plasma nitriding was performed at lower temperature (400 °C) than gas nitriding (900 °C),
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a shorter diffusion zone and lower hardening effect can be expected. Considering the
diffusion zone and coating adhesion, TiN coatings obtained by gas nitriding treatment seem

more suitable for improving wear properties.

6.4. Mechanical behaviour.

Elastic modulus is one of the main mechanical properties to be considered during the
design of implant material [59]. For biomedical applications, low elastic modulus alloys
should be employed in order to avoid the stress-shielding phenomenon, which is associated
with bone resorption around the implant [3], [10]. Hip implants are also susceptible to wear.
Low wear resistance leads to release wear debris or metallic ions that may result in the
implant loosening. In addition, wear debris can cause several adverse reactions in the tissues
where they are accumulated. They could produce damage of cell tissue, inflammation,

hypersensitivity, toxicity or carcinogenicity, requiring the implant replacement. [3], [5], [10]

High hardness alloys tend to have better wear behaviour. Improvement in hardness
and a decrease in elastic modulus would enhance the lifetime of implants [14], [60]. Hence,
these properties are determined in this section in order to assess the viability of these
materials as implant materials, since they are helpful parameters to predict the service life of

a component.
6.4.1. Vickers microhardness.

Hardness measurements were conducted in the cross-section of all processed alloys.
For both types of nitrided samples, the surface hardness was measured in order to evaluate
the hardness of the TiN coating layer. For the uncoated substrates and the reinforced
samples, it is considered that materials are isotropic, and there are no differences between
hardness values of the surface and cross-section. Vickers microhardness measurements for

all samples are displayed in Figure 6.15.

It can be seen that all samples of the Ti-Nb-Fe system achieve higher hardness values
than samples of the Ti-Nb system. This fact could be attributed to Fe addition having a
strengthening effect in Ti alloys, enhancing the mechanical properties [61], [62], and to the
higher apparent porosity observed in all samples with 40% Nb.

Reinforced titanium alloys show higher hardness than base alloys. TiN addition has
a similar effect in both compositions. Hardness increases by about 40% for TH40-TiN and
35% for TH525-TiN compared to unreinforced alloys. In contrast, different effects are
observed in TiB2reinforced alloys. TH40-TiB2 composition shows a slight hardness increase
(about 8%) with respect to the base alloy, whereas TH524-TiB: presents hardness values 56%
higher than the untreated sample.
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The relative low hardness increase of TH40-TiB2 sample could be associated with the
higher porosity, as well as the poor dispersion of TiB precipitates, which were formed in
isolated regions, leaving unreinforced matrix areas. Hence, no significant hardness
improvement is obtained. In contrast, the hardness improvement in the TH525-TiB2 sample
could be related to a high number density of fine whiskers observed in Figure 6.6¢. It has
been reported that fine and uniform distributed TiB whiskers enhance the mechanical
properties [63]. Additionally, precipitates are embedded within the matrix, offering a better
reinforcement effect.

Microstructural features influence the mechanical properties of the materials.
Uniform and controlled microstructure is required to obtain improved mechanical
properties. Although TiBz addition enhances hardness, it is highly affected by the size and
distribution of whiskers. TiB: reinforcement was discarded for the next characterisation steps
since it was considered that further experimental work would be necessary in order to obtain
a controlled final microstructure, morphology and distribution of the precipitates formed in

the in-situ reaction.

Diffusion surface treatments, such as gas and plasma nitriding, improve the substrate
properties by the formation of a hard layer that acts as a barrier and protects the substrate.
Additionally, as it was mentioned before, inward nitrogen diffusion toward the substrate
occurs during these treatments. Thus, the matrix below coating becomes enriched in
nitrogen, forming a solid solution. Initially, the solid solution is composed of 3-Ti(N), and
then, as nitrogen content increases, a-Ti(N) is formed. Finally, if the nitrogen content is high
enough, nitride precipitates are formed. Solid solution and internal precipitates have a
hardening effect on the nitrided substrate. Hence, hardness improvements depend on
nitrogen diffusion toward the metal matrix. It is expected that for a deep diffusion zone, a
higher matrix fraction will harden, increasing the bulk material hardness.
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Figure 6.15 reveals that both nitrided samples show higher hardness than the
respective untreated substrates. In addition, the hardness increase is greater for gas nitrided
samples than for plasma nitrided samples. GN-TH40 and GN-TH525 show hardness values
54% and 133% higher than untreated TH40Nb and TH5Fe25Nb alloys, respectively. This
suggests that the larger TiNos/a-Ti(N) needle-like precipitates below the GN-TH525 coating
are more effective in increasing the hardness than the smaller precipitates found in GN-
THA40.

In contrast, PN-TH40(TiN) and PN-TH525(TiN) achieved an increase of 3% and 78%
higher than untreated TH40-TiN and THS525-TiN, respectively. The nitrogen amount
measured in PN-TH40(TiN) matrix (about 9 at.% N) suggests that a solid solution a-Ti(IN)
was formed. Nevertheless, it is possible that the diffusion zone is too small to enhance the
hardness significantly, because most of the matrix remains unaltered by nitrogen diffusion.
Therefore, after the plasma nitriding treatment, the matrix is similar to untreated TH40-TiN,
and it shows similar hardness values. In contrast, the nitrogen content in the PN-TH525(TiN)
matrix is higher than PN-TH40(TiN), reaching about 15 at.% N. It can be deduced that the
higher solid solution fraction, and the deeper diffusion zone formed in PN-TH525(TiN),

increases the hardness of the substrate.

Nitriding treatment is highly influenced by nitrogen diffusion and hence by
temperature. Plasma nitriding was conducted at a lower temperature (400 °C) than gas
nitriding (900 °C). Several authors have reported higher hardness values for nitrided Ti
alloys with increases in the nitriding temperature [16], [64]. Usually, a higher nitriding
temperature promotes formation of a thicker coating layer and diffusion processes that allow
solid solution strengthening and internal precipitates formation. Hence, the lower hardness
increase of plasma nitrided samples compared to gas nitrided samples could be attributed
to the smaller thickness and fewer precipitates due to the lower nitriding temperature of
plasma nitriding treatment. Low temperature limits nitrogen diffusion into the substrate,

reducing the diffusion zone and solid solution formation.

Regarding the coating hardness, it can be seen that GN-TH525 presents higher values
than GN-TH40 (1375 HV and 1150 HV, respectively). This could be attributed to the thicker
coating layer of GN-TH525 compared to GN-TH40. It has been reported that the Ti2N phase
has higher hardness than TiN. GN-TH525 coating is composed of a mixture of TiaN/TiN,
while GN-TH40 is formed only by the TiN phase (Figure 6.11). Hence, both coating thickness
and coating phases may explain the greater improvement in hardness of GN-TH525.

PN-TH40(TiN) and PN-TH525(TiN) samples show similar coating hardness,
reaching about 790 HV and 755 HV, respectively. Similar coating hardness was expected
since both samples show similar coating thickness (1 pm) and chemical composition, being
mainly composed of 6-TiN phase.
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It is noticeable that plasma nitrided coatings hardness is much lower than those
obtained for gas nitrided. Nevertheless, a high standard deviation is observed in plasma
nitrided coating, which reduces the average hardness value. The maximum hardness values
of plasma nitrided coatings are closer to those of gas nitrided coatings. The high standard
deviation may be attributed to internal cracks and voids found between coating layer and
substrate. Regions with cracks become weak, while regions without cracks result are harder,

which produces variability in hardness measurements.

Internal defects on the coating layer should be avoided in order to guarantee
homogeneous mechanical properties. Internal cracks or defects reduce the coating adhesion
and could favour the coating fracture and further detachment, leaving the substrate exposed
against wear. In addition, if the coating layer breaks, coating debris are released, acting as a
third body, accelerating the wear damage mechanisms. Plasma nitriding treatment of TiN
reinforced alloys should be deeper studied, attempting to obtain free-defect coatings that

improve wear resistance.

Given the hardness results, it can be concluded that both types of nitrided samples
exhibited better overall wear behaviour than both types of reinforced alloys. The cross-
section and surface hardness of reinforced alloys is homogeneous in all directions, since the
reinforcement is homogeneously distributed within the metal matrix, On the contrary,
nitrided samples present considerably higher surface hardness, more than twice than the
cross-section hardness. The harder surface of nitrided samples, introduces additional
advantages over reinforced alloys, concerning wear. Nitrided samples have a continuous
TiN layer covering the whole sample surface, protecting the substrate against wear. In
contrast, reinforced alloys present discontinuous reinforcements embedded into the matrix,
so part of the metal matrix is left exposed: Ti matrix has lower hardness and, consequently,
lower wear resistance than the ceramic phase; hence, it is reasonable to that expect nitrided

samples will exhibit improved properties compared to reinforced alloys
6.4.2. .Elastic modulus.

Elastic modulus measurements of all processed samples are displayed in Figure 6.16.
It can be seen that, TiN reinforced alloys present the highest elastic modulus values, reaching
114 GPa for TH40-TiN and 150 GPa for TH525-TiN. These values are even higher than those
reported for pure CP-Ti (100 GPa) and the current Ti6Al4V (112 GPa) and Ti6Al7Nb (110
GPa) alloys [10]. Therefore, they are not suitable to be employed as implant materials.

On the contrary, gas nitrided and untreated alloys present the lowest elastic modulus
values. Despite the significant differences in hardness, the elastic modulus does not seem to
be affected, reaching values similar to the untreated alloys. This finding is consistent with
results reported by Bedouin et al. [65]. They found that elastic modulus of Ti-27 at.% Nb (Ti-
42 wt.% Nb) alloy is not affected by gas nitriding treatment, despite the increase in substrate
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hardness. Improvement in hardness, keeping low the elastic modulus, is desirable for
biomedical applications. Hence, gas nitriding of both 3-Ti alloys could be a good alternative

for developing implant materials.
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Figure 6.16. Elastic modulus values of untreated {3-Ti alloys, TiN reinforced alloys and gas
nitrided samples.

Samples containing 40% Nb exhibit lower elastic modulus values (around 70 GPa)
than samples with 25% Nb and 5% Fe (about 100 GPa). This may be related to a higher
amount of B-stabiliser that contributes to a greater reduction of elastic modulus [66]. Even
though lower elastic modulus than Ti6Al4V and Ti6Al7Nb was achieved for the processed
alloys, it is still higher than the bone; therefore, these materials should continue to be studied

in order to reduce the elastic modulus further.
6.5. Wear behaviour

In this work, the wear resistance of both untreated -Ti alloys (TH40Nb and
TH5Fe25Nb) was evaluated, and compared to TiN reinforced alloys and samples subjected
to gas nitriding. Wear resistance improvement was evaluated in terms of coefficient of
friction (COF) evolution during the wear test, microstructure, wear track profile, and wear

rate.

The evolution of the coefficient of friction (COF) for all samples during the dry sliding
wear test at 10 N and 20 N is reported in Figure 6.17. All samples evaluated at 20 N exhibit
slightly higher COF values than those observed for samples tested at 10 N.

For both load conditions, no measurable differences in friction between the substrates
and the TiN reinforced alloys were found. Nevertheless, results suggest that TiN reinforced
alloys achieve slight lower COF values compared to substrates. This reduction seems to be
higher for TH525-TiN than for TH40-TiN sample. COF values of TiN reinforced samples
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increases progressively, especially at the beginning of the test, probably due to the fracture
of the reinforcement particles, generating a third body, which is undesirable since it may

favour the abrasive wear mechanism and the wear debris release into the body.
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Figure 6.17. Coefficient of friction for as-sintered and modified (3-Ti alloys: a) TH40ND tested at
10 N, b) TH40ND tested at 20N, ¢) TH5Fe25NDb tested at 10 N and d) TH5Fe25Nb tested at 20N.

COF values of gas nitrided samples were much lower than untreated alloys,
suggesting the hard TiN coating protects the material, reducing the friction value. COF
progressively increases over time, suggesting TiN layer is gradually damaged. Finally, COF
reaches similar values to untreated alloys, indicating that the protective layer was removed,

leaving the substrate surface exposed.

Initially, GN-TH40 samples exhibit COF of 0.15. This keeps relatively constant until
around 950 s for 10 N and 500 s for 20 N. Then, COF shows a drastic increase related to the
loss or damage of the TiN coating layer. COF increases up to 0.70 at around 1500 s, and up
to 0.80 around 650 s, for samples evaluated at 10 N and 20 N, respectively. After this point,
the external layer is lost, and samples exhibit similar COF to the substrates.

For GN-TH525, COF increases continuously from 0.2 until it reaches a maximum of
0.75 around 900 s, for samples tested at 10 N; and 0.80 after 400 s, for samples tested at 20 N.
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Then, COF decreases until it reaches a similar COF to the base alloy. The oscillations of COF
after the TiN layer is lost could be due to debris fragments of coating detached during the
test, which increase the friction, acting as a third body. Subsequently, rearrangement of
debris particles may take place, reducing and stabilising the COF.

So far, it can be concluded that the TiN layer kept adhered for a longer time in
samples tested at 10 N than at 20 N, and in samples GN-TH40 than in GN-TH525. Despite
the fact that, GN-TH525 has a thicker TiN layer (3 pm) than GN-TH40 (1 pm) and shows
higher hardness (both on the surface and cross-section) than GN-TH40 (Figure 6.15), the
coating layer was removed before for GN-TH525. TiN layer of GN-TH525 sample has high
hardness; hence, it could be more brittle than that of GN-TH40, which may provoke the
coating fracture or breakage. In addition, wear resistance could be influenced by internal
precipitates and new phases formed after nitriding treatment (Figure 6.9) rather than the
thickness of the nitrided layer [14], [67].

The morphology of the worn surface, together with the wear track profiles obtained
after sliding tests at 10 N and 20 N for Ti-Nb and Ti-Fe-Nb alloys, is shown in Figure 6.18
and Figure 6.19, respectively. Yellow dotted lines indicate the wear track width.
Complementary, Table 6.4 displays the width average of the wear tracks measured for all

samples tested at both loads.

Table 6.4. Width of wear tracks obtained after dry sliding test at 10 and

20 N load.
Width (mm)
Sample 10 N 20N
TH40Nb 2.03 +0.08 2.64 +0.02
THA40-TiN 2.12 +0.07 2.63 +0.20
GN-TH40 1.04 £0.05 2.49 +0.10
TH5Fe25Nb 1.96 +0.08 2.47 +0.06
TH525-TiN 1.63 £0.09 2.29 +0.20
GN-TH525 1.62 £0.02 2.21+0.20

From the general view of the wear tracks, wider and deeper tracks with greater signs
of wear damage can be observed for samples tested at 20 N compared to those tested at 10
N. This was expected, since higher load usually implies an increase in the wear damage level
[68]. On the other hand, the modified alloys, either by addition of TiN particles or by gas
nitriding treatment, show a reduction in wear tack width, compared to the untreated
substrates, except for TH40-TiN samples. TH40-TiN wear tracks present similar width (even
higher) values and greater depth than the base alloy (TH40Nb), suggesting a greater wear
level. Hence, TiN addition does not seem to considerably increase the wear resistance for
TH40ND alloy. In contrast, TH525-TiN shows a width and depth reduction compared to
TH5Fe25NDb, indicating better wear resistance than the substrate and TH40-TiN alloy.
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Figure 6.18. SE-BSE SEM images of the wear tracks of TH40Nb alloys after dry sliding tests at 10
N (a-c) and 20 N (e-g) for: (a,e) As-sintered TH40Nb; (b,f) TH40-TiN; (c,g) GN-TH40. (d,h) Wear

tracks profile measured with a profilometer.

204 | Chapter 6



(e)

®

(g)
—— TH5Fe25Nb —— TH525-TIN. —— GN-TH525 0 —— TH5Fe25Nb —— TH525-TIN —— GN-TH525
20+ 20
E E
3 =
= 40 = 404
= =
o o
[ [
a) a]
60 60
80 80
10N 20N
0 500 1000 1500 2000 2500 0 500 1000 1500 2000 2500
Width (um) Width (um)
(d)

(h)
Figure 6.19. SE-BSE SEM images of the wear tracks of TH5Fe25NDb alloys after dry sliding tests at

10 N (a-c) and 20 N (e-g) for: (a,e) As-sintered TH5Fe25Nb; (b,f) TH525-TiN; (c,g) GN-TH525 and
(d,h) Wear tracks profile measured with a profilometer.
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Gas nitrided samples exhibit the narrowest wear tracks. GN-TH40 tested at 10 N
presents a wear track width with values around 1.04 mm, while GN-TH525 reached about
1.62 mm, which corresponds to a reduction of 50% and 15%, respectively, compared to
untreated alloys. For nitrided samples evaluated at 20 N, width reduction is also observed,
but it is lower than that obtained at 10 N, achieving a reduction of around 5% and 7% for
GN-TH40 and GN-TH525, respectively.

Regarding the depth of wear track of gas nitride alloys, samples evaluated at 10 N
load reach a maximum depth of 10 pum for GN-TH40 (Figure 6.18d) and 25 um for GN-TH525
(Figure 6.19d); while under more severe conditions (20 N), samples show a maximum depth
of 30 um for GN-TH525 (Figure 6.19h) and 50 um for GN-THA40 (Figure 6.18h). Considering
the microstructure of gas nitrided samples (Figure 6.20), it can be observed that the wear
track depth does not exceed the diffusion zone of GN-TH525, affected by nitriding treatment,
where there are large and coarse internal precipitates. These precipitates seem to slow down
the wear advance, reducing the track depth more efficiently than GN-TH40 sample, which
presents a high number density of small precipitates distributed in the 3 matrix. This agrees
with results reported by Chan et al. [14]. They attribute the wear behaviour enhancement of
laser gas alloyed with nitrogen Ti-35.3Nb-7.3Zr-5.7Ta alloy to the internal nitrogen-rich

precipitates.
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Figure 6.20. SEM cross-section images of gas nitrided simples indicating the maximum depth of the
wear tracks achieved at 10 N and 20 N. a) GN-TH40 and b) GN-TH525.

In order to know the mechanisms that govern the wear behaviour of the evaluated
samples, wear tracks details of Ti-Nb and Ti-Fe-Nb alloys are displayed in Figure 6.21 and
Figure 6.22, respectively. SEM images suggest lower wear damage for gas nitrided samples,
followed by TiN reinforced alloys, and finally, untreated samples. The relative higher wear
debris amount generated in samples evaluated at 20 N indicates a higher wear damage level
than at 10 N. Wear debris corresponds to, in part, broken TiN particles (from either the

coating layer or the TiN reinforced matrix) and a mix of hardened particles of the loose oxide
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Figure 6.21. SE-BSE SEM images of details of the worn surfaces of Ti-Nb alloys after dry sliding

wear test (a-c) at 10 N load, (d-f) at 20 N load. (a, d) Untreated TH40NDb; (b, ) TH40-TiN and (c, f)
GN-TH40.
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Figure 6.22. SE-BSE SEM images of details of the worn surfaces of Ti-Nb alloys after dry sliding
wear test (a-c) at 10 N load, (d-f) at 20 N load. (a, d) Untreated TH40NDb; (b, ) TH40-TiN and (c, f)
GN-TH40.
debris and base material alloy. They act as a third body and may favour abrasive wear, which

affects the tribological properties.
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In general, a mix of wear damage mechanisms was observed for all tested samples.
Parallel grooves along the sliding direction, produced from the continuous crushing and
ploughing by the counter material, confirm abrasive wear mechanism. Darker zones of the
wear tracks (indicated by a yellow square in Figure 6.21 and Figure 6.22) were analysed by
EDS analysis (Table 6.5). Results reveal the presence of Al and O due to the transfer from
the counter material, forming oxide patches, which is a sign of adhesive wear. All modified

alloys present a lower amount of Al content than untreated alloys.

Table 6.5. EDS measurement of indicated zones of the worn surface of samples
tested at 10 N load. Composition expressed in weight per cent (wt.%)

Composition (wt.%)
Sample  Region Ti Nb Al 0] N Fe

TH40Nb R1 46.8 35.3 7.2 10.7 - -
TH40-TiN R2 53.2 27.0 4.1 6.9 8.9 -
GN-TH40 R3 48.4 40.2 1.8 2.3 7.3 -
TH5Fe25Nb R4 56.8 23.5 6.7 8.7 - 4.3

TH525-TiN R5 59.3 22.9 2.3 5.4 5.3 4.7
GN-TH525 R6 61.4 22.5 1.6 2.1 8.4 3.8

Besides, worn surfaces show signs of plastic deformation and ridges along the sliding
direction due to the accumulation of removed material and wear debris. Ridges could

modify the contact areas during sliding because of material deposition on the surface.

Untreated TH40Nb presents deeper grooves than untreated TH5Fe25Nb, which
exhibits smother wear grooves. This suggests higher abrasive wear. The bigger ridges
observed in TH40Nb denote that a larger material fraction was released, then it was
accumulated, becoming entrapped by squashing in these areas. Images suggest that there
are more dark regions, corresponding to oxide patches, in TH40Nb, denoting higher
adhesive wear. Although both untreated alloys show the same wear mechanism signs, they
seem more severe for TH40Nb. The lower damage level of TH5Fe25Nb may be related to its
lower porosity, and its higher hardness (339 HV) compared to TH40Nb (270 HV), which

results in wear resistance improvement.

Similar behaviour was observed in TiN reinforced alloys. At 10 N, sample TH40-TiN
shows deeper grooves than TH525-TiN. Additionally, it appears that there is a higher
amount of wear particles in the TH40-TiN samples, which corresponds to broken TiN
particles. Reinforcement particles present a higher hardness than the (3-Ti matrix, which
could facilitate their fracture. In addition, as seen in Figure 6.7, reinforcements in the TH40-
TiN sample present internal porosity and are worse consolidated than in the case of the
TH525-TiN samples. This could weaken TiN particles, and they may break more easily and
begin to act as a third body. Titanium nitride has high hardness so that the broken particles
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may accelerate abrasive wear. This might explain the increase in both width and depth of
THA40-TiN wear tracks compared to the substrate TH40NDb.

On the contrary, in TH525-TiN, as the reinforcement is better consolidated and
integrated into the matrix, appears to be more resistant. The softer ridges observed in TH525-
TiN confirm that a less material was removed from the surface, suggesting better
reinforcement resistance than in TH40-TiN, which has more pronounced ridges. Once the
metal matrix is removed from the surface, TiN reinforcements are exposed; although they
also break, they protect the matrix during sliding since they appear to remain more compact
or adhered to the surface. As the particles are not released, they do not accelerate wear, hence
a smoother worn surface is observed compared to the TH40-TiN sample, as well as a

reduction in the wear track profile depth as compared to the substrate TH5Fe25Nb.

The surface of gas nitrided samples was the least affected. Plastic deformation,
tearing, and flakes covering the worn surface, especially for GN-TH40 at 10 N, are observed.
This morphology of the worn surface suggests adhesive wear. At 10 N, more severe wear
damage was observed for GN-TH525 alloy. This could be related to the fact that the TiN
coating layer was removed after 900 s in GNTH525, while in GN-THA40, removal occurs after
1500 s (Figure 6.17). Therfore, the substrate was exposed to wear for a longer time, increasing
wear damage. Moreover, G GN-TH525 has a coarser TiN layer; hence, a higher amount of
TiN fragments is detached once the coating layer is removed, which might also contribute to

increasing wear damage.

Additionally, EDS analysis of GN-TH40 sample at 10 N (Table 6.5) reveals a decrease
of Al amount, which suggests less transfer of material from the alumina ball; and an increase
of the Nb content, which could be attributed to the formation of a Nb20Os passive layer. Low
Al content was also detected in GN-TH525, suggesting lower transfer of material than for
untreated alloys; however, EDS analysis does not confirm the presence of this passive layer.
It has been reported that Nb2Os passive layer enhances the wear resistance since it has a

lubricant effect, is more stable, and repassivates quicker than titanium oxides. [10], [69]

Although at 20 N, GN-TH525 shows a narrower and less deep wear track than GN-
TH40, and the TiN coating layer kept adhered to the substrate for a shorter time (around 400
s for GN-TH525 and 650 s for GN-TH40, Figure 6.17), the GN-TH525 worn surface seems
more affected. This may be related to the higher amount of TiN fragments coming from the
coating that generates a greater residual stress relief, as can be observed in (Figure 6.22f).
However, since the GN-TH525 substrate has a considerably higher hardness (789 HV) than
GN-TH40 (417 HV), better wear resistance and shallower wear profile is expected and. On
the other hand, the passive layer may likely have formed in GN-TH40, and when it reached
a critical thickness, it may become unstable and break, forming new wear debris that

aggravates the wear.
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To sum up, a combination of abrasive and adhesive wear seems to be the wear
mechanism in untreated alloys. Abrasive wear is the predominant mechanism in TiN
reinforced alloys, while gas nitride samples are dominated by adhesive wear. The wear
mechanisms at 20 N are similar to those at 10 N but present more severe damage due to a
higher amount of wear debris detached from the surface, which acts as a third body,

accelerating wear.

The wear rate values after dry sliding wear tests are presented in Figure 6.23. In
agreement with the previous results, samples tested at 20 N show a higher wear rate than
samples tested at 10 N. Furthermore, alloys with Ti-Nb-Fe matrix, both untreated, nitride
and reinforced, present a lower wear rate than the Ti-Nb matrix alloys system, except for
GN-TH40. This is attributed to the higher hardness and lower porosity of the Ti-Fe-Nb alloys,

which plays an important role to enhance the wear behaviour.
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Figure 6.23. Wear rate after dry sliding wear tests performed at 10 N and 20 N for untreated and
modified 3-Ti alloys (TiN reinforced and Gas nitrided). a) TH40Nb alloys and b) TH5Fe25Nb alloys.

TH40-TiN samples show a higher wear rate for both load conditions compared to
untreated TH40Nb alloys, achieving about 33% and 53% higher wear at 10 N and 20 N,
respectively. On the contrary, GN-TH40 exhibits the lowest wear rate with a reduction of
around 86% compared to TH40Nb at 10 N. At 20 N, there is a wear rate reduction, but it is

much lower, reaching about 4% less than untreated alloy at the same condition.

For alloys of the Ti-Fe-Nb system, gas nitrided samples show the highest wear rate
reduction, followed by TiN reinforced samples. The wear rate is reduced for both load
conditions; nevertheless, this reduction is more pronounced for samples evaluated at 10 N
than at 20 N. GN-TH525 samples exhibit a wear rate reduction of 43% and 15% for 10 N and
20 N with respect to untreated alloys, while TH525-TiN alloy reaches about 31% at 10 N and
15% at 20 N.
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6.6. Partial conclusions

From the results shown in this chapter, the main conclusions can be summarised as

follow:
Processing of reinforced p-Ti matrix composites and Coating

1. TiN and TiB: reinforced alloys show a completely different microstructure. TiB
whiskers and TiNos particulates are the obtained reinforcement phases in each case.
Reinforced TH5Fe25Nb alloys exhibited a more homogeneous microstructure than
reinforced TH40Nb.

2. Gas nitriding treatment of base alloys results in a homogeneous, continuous
and dense nitride layer. The thickness of this layer was1.17 + 0.41 um for GN-TH40 and
3.35 £ 0.61 um for GN-TH525. Nitride layer of GN-TH525 sample is composed of a mix
Ti2N and TiN, whereas for GN-TH40, it is composed of TiN. Small Nb amount was

detected in the coating layer due to the mutual solubility of titanium and niobium nitride.

Nb content influences on morphology and distribution of precipitates formed
during nitriding treatments. Lower Nb (25 wt.%) addition results in coarser and larger
needle-like precipitates, corresponding to a-Ti(N)/TiNos phase. For a higher Nb amount
(40 wt.%), the number density of precipitates increases, becoming thinner and smaller
with a deeper diffusion zone. This is related to changes in the nucleation mechanisms
produced by increasing Nb. Ti segregation beneath the coating layer leaves the matrix

region enriched in Nb, ultimately leading to the formation of Nb2N precipitates.

3. Plasma nitriding of TiN reinforced alloys provides a continuous TiN layer of
about 1 um in thickness for both compositions. Nevertheless, the coating layer presents
internal cracks generated by thermal expansion mismatch between matrix and

reinforcement, which compromise the coating adhesion.
Mechanical properties:

1. All modified alloys present higher hardness compared to untreated samples.
The hardness increase was higher for samples of Ti-Fe-Nb system than for the Ti-Nb
system. TH525-TiB2 and TH525-TiN reach values 54% and 35% higher than untreated
samples, respectively. While, GN-TH525 show increase of 132% compared to the base
alloy, and PN-TH525(TiN) shows increases by about 78% compared to untreated TH525-
TiN alloy.

2. Gas nitriding treatment provides higher hardness increase than plasma

nitriding, since gas nitriding involves higher interaction between nitrogen and substrate,
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promoting the solid solution strengthening and internal precipitates formation, and

hence, higher hardness.

3. TiN reinforced alloys present the highest elastic modulus values, reaching 114
GPa for TH40-TiN and 150 GPa for TH525-TiN. In contrast, gas nitrided samples, despite
achieved an improved hardness, show elastic modulus values similar to untreated alloys,
racing about 71 MPa for GN-TH40 and 102 MPa for GN-TH525. The balance between high
hardness and low young modulus suggest gas nitriding treatment could be a promising

alternative to enhance the wear resistance of biomedical Ti alloys.

Wear resistance:

1. Samples of Ti-Nb-Fe system show better wear resistance than samples of Ti-Nb
system. This is attributed to the strengthening effect of Fe, higher hardness and lower
porosity of Ti-5Fe-25Nb alloys compared to Ti-40Nb.

2. Untreated samples show signs of adhesive and abrasive wear mechanism.
Abrasive wear is the predominant mechanism in TiN reinforced alloys, while gas nitride
samples are dominated by adhesive wear. More severe wear damage was observed in

samples tested at 20 N than at 10 N due to the higher wear debris amount.

3. The addition of TiN particles reduces the wear rate of TH525-TiN alloys,
showing 31% (at 10 N) and 13% (at 20 N) lower than TH5Fe25Nb base alloy. In contrast,
wear rate increases for TH40-TiN composition between 33% (at 10 N) and 55% (at 20 N)
higher than untreated TH40Nb. This suggests wear resistance of TiN reinforced alloys is
strongly influenced by the consolidation characteristics and homogeneity of the

reinforcement phase within the matrix.

4. Gas nitriding treatment allows enhancing wear resistance of the two studied
Ti alloys at both load conditions. At 10 N, wear rate was 86% and 43 % lower than
untreated alloys for GN-TH40 and GN-TH525, respectively. At 20 N, lower wear rate
reduction was obtained than at 10 N, achieving about 4% and 15 % lower than untreated
samples, for GN-TH40 and GN-TH525, respectively.
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7.1. Introduction.

Titanium is the most biocompatible metal; nevertheless, it is a bioinert material, so, it
lacks bioactivity. This limits the fixation between the bone and the implant as it cannot lead
to bone growth around the implant. Surface modification techniques are employed to
modify the interaction of Ti, and its alloys, with surrounding bone tissues enhancing their

bioactivity and promoting osseointegration.

A wide variety of surface treatments can be performed to biofunctionalise the
implant surface. These include ion implantation [1], [2], sol-gel method [3], [4], thermal
spraying [5], [6], chemical vapour deposition [7], [8], physical vapour deposition [9], [10],
and micro-arc oxidation (MAQO) [11]-[14]. Among these surface treatments, MAO is one of
the most attractive methods. It is a low-cost electrochemical treatment that does not need
expensive equipment, offers the possibility to coat complex shape, the coating obtained
presents excellent adhesion with the substrate, and leads to incorporate bioactive elements
from the electrolyte bath [15], [16]. Furthermore, it has been reported bio-functionalised

MAO surfaces improve osseointegration and promote in vivo bone growth. [17]

MAO treatment allows to maintain the starting alloy properties and provides a
multiscale porous and rough coating composed mainly of TiO2. Porous coatings showing
moderated roughness favour the biological response, providing a more natural environment
for cell attachment, enhancing cell migration and proliferation [15], [18], [19]. Besides, the

MAO coating increases the corrosion and wear resistance of the components. [20], [21]

In this chapter, a MAO treatment is proposed in order to obtain a bioactive coating
rich in calcium (Ca), phosphorus (P) and zinc (Zn), using an electrolyte frequently employed
in the bibliography [22]-[25]. The electrolyte is composed of 0.35 M of calcium acetate and
0.02 M of B-glycerophosphate disodium salt and different concentrations of ZnO NPs (4, 6
and 12 g/L), as Zn source.

The MAO treatment was carried out for TiN reinforced alloys (TH40-TiN and TH525-
TiN, described in Section 6.2.2). From now on, these samples will be referred to as MAO-
TH40(TiN) and MAO-TH525(TiN), respectively.

This work presents a brief analysis of the electrical response of treated samples
during the MAO treatment in order to understand the growth mechanisms of the oxide layer.
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It is also evaluated how ZnO NPs affect the porous surface morphology and how these NPs
are incorporated into the coating. In addition, the Ca/P ratio, Zn amount and anatase and
rutile presence are determined to evaluate the potential use of MAO treatment to provide
bioactivity to the 3-Ti alloys developed in this work.

7.2. Growth of coating obtained by micro-arc oxidation
(MAO) treatment.

The growth mechanisms of coatings can be evaluated by studying the current
evolution during the MAO coating process. Representative current-time curves for all
coated samples are shown in Figure 7.1. The MAO process was performed at 300 V, using
electrolytes containing different concentrations of ZnO nanoparticles (NPs) (as described in
Section 3.6.3).
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Figure 7.1. Representative current-time curves during MAO process at 300 V, employing
electrolytes with different ZnO nanoparticles concentration for: a) MAO-TH40(TiN) and b)
MAO-TH525(TiN) alloys. 0, 4, 6 and 12 indicate the ZnO NPs concentration in g/L.

Both substrates exhibit similar current evolution curves, where the three different
regions that are typically observed in anodic treatments can be distinguished. First, current
increases drastically up to 2.5 A, which corresponds to the limiting current, and then it
remains constant (Stage I). Next, in stage II, the current falls exponentially when the
maximum working voltage (300 V) is reached. This point is known as tgupe, which is
identified as the point where the current is no longer constant and starts to decrease. tgaypot
indicates anodic regime changes from galvanostatic to potentiostatic control; subsequently,
the voltage becomes constant while the current continues to decrease [22]. It can be seen in
Figure 7.1 that all samples exhibit similar tgapot, around 9-10 s. Finally, in stage III, the current
tends to stabilise until the end of the treatment, reaching about 0.25 A and 0.5 A, for MAO-
THA40(TiN) and MAO-TH525(TiN) compositions, respectively. This difference in the final
current for the two substrates could be attributed to a thicker or more porous anodic layer
was formed for MAO-TH40(TiN) samples, making it more insulating, and limiting the
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current flow through the oxide layer. Current fluctuations observed during MAO treatment
are associated with micro-arc discharge. It can be seen that spark density or current
fluctuation is higher for MAO-TH40(TiN) samples than MAO-TH525(TiN), whose curves
seem smoother. Spark discharges lead to pore formation and thickening of the anodic layer;
hence, higher thickness and porosity are expected for anodised MAO-TH40(TiN) samples.
This could explain the differences in the final current.

The processes that take place are described below, using a schematic representation
of the processes that occur in the different stages of the MAO treatment (Figure 7.2).
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Figure 7.2. Schematic representation of different stages of the MAO process. a) Starting condition,
b) Passive oxide film formation and NPs adsorption by electrophoretic effect, c) Bubbles generation,
d) Beginning of micro-arc discharges, e) Growing of oxide layer and incorporation of bioactive
elements, f) Final condition and g) Representative schematic of elements distribution into the
coating layer.

In stage I, a compact and uniform thin passive oxide layer is formed at the surface.
This oxide layer is produced by O ions migration toward the sample surface and Ti* ions
migration outward (Figure 7.2b) [26], [27]. The oxide layer acts as a barrier to the electrical
current flow. As this oxide layer grows, its resistivity increases; therefore, according to the
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Ohm law, the voltage must also increase to maintain the current flow [28]. Simultaneously,
gas generation and small oxygen bubbles are produced as voltage increases [29]. These
bubbles may get trapped in the metal/oxide interface (Figure 7.2c); as the anodising stages

progress, these become larger, promoting the formation of larger pores [26].

Additionally, in the early stage of the anodic treatment conducted in electrolytes
containing ZnO NPs, part of these NPs get trapped in the oxide layer formed before the
dielectric breakdown voltage is reached [11], [30] (Figure 7.2c). It has been demonstrated that
the ZnO NPs have a negative surface charge showing negative zeta potential values in
contact with similar electrolyte to that used in this work [31]. Hence, these particles become
attracted/adsorbed by electrophoretic effect into the sample surface, which exhibits a

positive charge (Figure 7.2b) [11].

When the oxide film reaches a critical thickness value, dielectric breakdown of the
passive film occurs, producing micro-arc discharges in vulnerable zones, also called spark
discharge, favouring the growth and densification in these specific areas (Figure 7.2d) [32].
During these discharges, the temperature rises significantly, producing the melting in
localised regions of the oxide film, allowing the incorporation of Ca, P and ZnO, present in
the electrolyte. Besides, the fast melting-solidification process produces thermal stresses that

could generate internal cracks. [20], [33]

As layer oxide grows, powerful and longer discharges are produced, generating
more discharge channels (Figure 7.2e) and promoting the incorporation of a higher amount
of electrolyte elements into the coating. Moreover, above the breakdown voltage, the gas

evolution increases, and thus, bigger and interconnected pores are formed (Figure 7.2f).

The final MAO coating shows a concentration gradient from the sample surface to
the outmost surface, in contact with the electrolyte (Figure 7.2g). The concentration of the
elements that constitute the base alloy is reduced from the sample surface towards the top.
In contrast, the concentration of the elements in the electrolyte bath increased from the

sample surface outward. [14]

Concerning the role of NPs addition in anodic treatments, many authors agree that
NPs addition such as Al:Os, ZrO:, ZnO, etc. improve the coating properties; enhancing the
corrosion and tribocorrosion resistance and biological behaviour, providing antibacterial
properties or promoting cell adhesion and proliferation [19], [20], [34]. Nevertheless, there is
much controversy regarding the influence of NPs addition on the electrical response of MAO
process. Li et al. [35] assure that ZrO: NPs addition promotes a fast-growth of the anodic
layer, reaching higher final potential. Similar results were reported by Wang et al. [36]
incorporating Al.Os NPs. In contrast, Lee et al.[37] reported no significant differences in
voltage evolution during MAO process, adding ZrO2 and TiOz2 NPs. On the other hand,
Shokoulfar et al. [21] stated that no considerable differences on neither current evolution,
breakdown voltage, nor coating thickness were detected after addition of SiC, TiOz and Al>Os
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NPs. From Figure 7.1, it can be deduced there are no variations in the oxidation behaviour,

concerning current evolution and final current when ZnO NPs are incorporated.

MAO coatings are strongly depended on external factors such as electrical
parameters (current density, voltage or treatment time) and internal factors like chemical
composition, pH and conductivity and temperature of the electrolyte [20]. Since internal
factors usually are not greatly modified after NPs addition; it is likely the discrepancies
found in the bibliography are due to differences in MAO conditions instead of NPs addition
itself. [19]

7.3. Microstructural characterisation of anodised samples
by MAO process.

Figure 7.3 and Figure 7.4 show the surface morphology obtained for MAO-
TH40(TiN) and MAO-TH525(TiN) samples, respectively, after MAO treatments with
different concentrations of ZnO NPs. As can be observed, a multiscale porous structure was
achieved for both treated alloys. It appears that the pores obtained in the MAO-TH525 (TiN)
samples are slightly smaller than those of MAO-TH40(TiN). Most pores exhibit a rounded
morphology; however, for MAO-TH40(TiN) samples, treated without ZnO NPs and with an
addition of 12 g/L of ZnO NPs, regions with large elongated pores were found (Figure
7.3a,k).

Moreover, some surface cracks (indicated with black arrows in Figure 7.3) were
observed for most samples. Cracks are intrinsic to the anodising process, as they are formed
due to quenching of the molten oxide generated during the spark discharges when it comes

into contact with the electrolyte bath.

In general, the coating is uniform over the entire surface of the sample, showing good
adhesion to the substrate. The only exception are samples treated with 12g/L. of ZnO NPs
(both MAO-TH40(TiN) and MAO-TH525(TiN)), which present large detached areas
corresponding to the outer porous layer, nevertheless, without leaving the substrate
surface exposed. This confirms the good adhesion among the inner layer of the coating and

the substrate.

Shokouhfar et al. [11] propose a mechanism of adhesion and incorporation of NPs
into the coatings obtained by MAO treatment. They state that the middle part of the coating,
corresponding to the outmost/inner porous layer interface, contains a higher amount of NPs
than the other parts. Although there is no evidence of this, coating detachments observed in
samples treated with 12 g/of ZnO, have likely been caused by possible ZnO agglomerates,
due to the high ZnO NPs concentration in the electrolyte.
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Figure 7.3. SE-SEM images of anodised MAO-TH40(TiN) samples with different ZnO NPs concentrations: (a-c) No ZnO 0g/L; (d-f) 4 g/L; (g-i) 6 g/L and (j-1) 12 g/L.
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Figure 7.4. SE-SEM images of anodised MAO-TH525(TiN) samples with different ZnO NPs concentrations: (a-c) No ZnO 0 g/L; (d-f) 4 g/L; (g-i) 6 g/L and (j-1) 12 g/L.



Formation of large agglomerates may reduce the bond between the inner and the
outer porous layer, producing outer layer detachment. Hence, to enhance the adhesion and
homogeneity of the coating with high NPs concentration (12 g/L), further studies should be

carried out focused on achieving higher colloidal dispersion of the ZnO NPs.

Figure 7.5 displays the cross-section of the coated samples with a concentration of 6
g/L of ZnO and without ZnO NPs. Similar features were observed for the other ZnO
concentrations. It can be seen that the obtained MAO films are composed of three layers. A
thin and compact passive layer at the metal interface, followed by two porous sub-layers. It
is noted that pore size increase from the inner to the outer porous layer, which could be
related to powerful discharges produced as layer oxide grows. The formation of an inner

and outer porous layer is typical in coatings produced by MAO. [21]

Cu coating : By’ T W Cu cdatinQ.. |
= e ;45’
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Figure 7.5. BSE-SEM images of the cross-section of MAO treated samples without ZnO NPs
addition and with a concentration of 6 g/L: a) MAO-TH40(TiN) (No ZnO); b) MAO-TH40(TiN) (6
g/L); c) MAO-TH525(TiN) (No ZnO) and d) MAO-TH525 (TiN) (6 g/L). The numbers on the images
indicate the different layers in the MAQO coatings.
1: Outer porous layer. 2: Inner porous layer. 3. Passive layer.

The concentration gradient along the cross-section indicated in Figure 7.2g was
confirmed by EDS measurements, which were done in the outmost and inner layers of the
coatings. All samples exhibited the same trend. Representatively, the results obtained for
MAO-TH40(TiN) sample with 6 g/L of ZnO NPs, are included. The outmost layer shows 29
Ti wt.%, 5 Nb wt.%, 11 Ca wt.%, 7 Zn wt.%, 2 P wt.%; whereas the inward layer shows 33 Ti
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wt.%, 8 Nb wt.%, 6 Ca wt.%, 2 Zn wt.%, 2 P wt.%,. It can be seen that Ca and Zn content
increases from the inner to the outmost surface, whereas Ti and Nb slightly decrease. No

significant changes were observed concerning P content.

Moreover, Figure 7.5 suggests the coatings are well-adhered to the substrates, even
in the sections where there are TiN reinforcement particles. This coincides with previous
anodic treatments, performed with the same conditions in reinforced (with 5 TiN vol.%) and
unreinforced Ti5Fe25Nb alloy [38], where no adhesion differences were found in MAO
coating. It is possible that TiN particles on the MAO surface are favouring the formation of
the anodic layer. A MAO study [39], performed over Ti substrates and TiN-coated substrates,
reveals that the partial ionic bond of TiN compared to the metallic bond of the substrate may
aid its dissolution in the electrolyte, accelerating the electrochemical reactions in the TiN-
coated samples, which increases the growth rate of the oxide layer. On the other hand, ZnO
NPs addition does not seem to affect the bonding with the substrate. Nevertheless, large
concentrations of ZnO NPs (12 g/L) may weaken the bond between the inner and outer

porous layer, producing the aforementioned coating detachments.

Although no significant differences are observed in pore size between both
compositions, the cross-section reveals differences in porosity inside the coating. The MAO-
TH40(TiN) samples appear more porous and thicker, showing larger cavities than the MAO-
TH525(TiN) samples. It is known that coating porosity increases the electrical resistivity of
coating, which reduces the current flow through the anodic layer [40]. This may explain the
electrical response observed in the current-time curves (Figure 7.1) during the MAQO process.
For MAO-TH40(TiN) samples, current tends to stabilise at lower values than MAO-
TH525(TiN) samples, likely because MAO-TH40(TiN) coating exhibits apparent higher

porosity.

Coating thickness was measured for all samples. The obtained results are shown in
Figure 7.6. It can be seen that the thickness of MAO-TH40(TiN) samples tends to be higher
than that of MAO-TH525(TiN) samples, except for the treatment with 12 g/L of ZnO NPs. As
it can be seen in Figure 7.1, this sample (MAO-TH40(TiN)_12) showed the lowest spark
density, presenting a smoother current-time curve, compared to the other MAO-TH40(TiN)
samples treated. Given that the lower the spark density, the lower the coating thickness; this

could explain the decreases in thickness.

Different effects are observed concerning ZnO NPs addition in coating thickness. For
MAO-TH40(TiN) alloy, thickness keeps almost constant (about 10 pum) for samples anodised
without ZnO NPs and up to 6 g/L addition; while for a concentration of 12 g/L, coating
thickness decreases to about 7 um. For MAO-TH525(TiN) alloy, the thickness increases with
the ZnO NPs concentration, reaching about 4.5 um without ZnO; and 6 um, 7 pm and 9 um
with the addition of 4, 6 and 12 g/L, respectively.
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Figure 7.6. The thickness of MAO coatings for MAO-TH40(TiN) and MAO-TH525(TiN) alloys
treated with different concentration of ZnO NPs.

On the other hand, the difference in thickness among MAO-TH40(TiN) and MAO-
TH525(TiN) alloys could be attributed to the large pore cavities observed in MAO-
TH40(TiN) samples, which may increase the coating thickness. Thicker coatings are desired
to improve corrosion and wear resistance [41], [42]. Nevertheless, a relatively dense coating
is also desired to provide good mechanical properties [43]. If the coating is too porous, it can
break away easily, which is not suitable. Nevertheless, the presence of some porosity in the
MAO coating could be beneficial. Coating porosity provides strain tolerance, distributing
the stresses generated by the difference in properties between substrate and oxide coating,
such as difference in thermal expansion coefficient [44]-[46]. Besides, it has been reported
that good interfacial bonding adhesion between substrate and MAQO coating, surface
connected porosity, and high coating hardness enhance the tribological behaviour [44].
Hence, there must be a balance between porosity and coating resistance in order to improve

both the biological response of the material and wear resistance.

MAQO is one of the most effective and useful surface modification technique for the
biofunctionalisation of Ti alloys. Incorporating the electrolyte elements (Ca, P and ZnO) is
an important factor to be evaluated since these elements are related to improvement in
biological behaviour. Ca and P promote apatite formation, found naturally in bones; while
ZnO provides antibacterial properties and can improve wear resistance. In order to
determine how these elements are distributed along the coating surface, the atomic Ca/P
ratio and ZnO amount were obtained by EDS measurements; which were conducted in three
different regions for each sample, considering three samples for each condition. The obtained
results are summarised and displayed in Figure 7.7.

As shown in Figure 7.7, MAO-TH40(TiN) samples reached a higher Ca/P ratio and
Zn content than MAO-TH525(TiN) samples. For both alloys, the Ca/P ratio keeps almost
constant with ZnO NPs addition, reaching about 3.2 and 2.7, for MAO-TH40(TiN) and MAO-
TH525(TiN), respectively. The amount of Ti, Nb and Fe along the surface also remains
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constant for all samples. Specifically, 14 Ti at.% and 5 Nb at.% were detected for MAO-
TH40(TiN) samples; whereas for MAO-TH525(TiN) samples, 18 Ti at.% , 3 Nb at.% and 0.5
Fe at.% were detected. Hence, the Ca/P element distribution and the ratio is not affected by
the ZnO NPs addition.
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Figure 7.7. EDS measurements of the top surface after MAO process with different ZnO NPs
concentration. a) Ca/P atomic ratio and b) Zn atomic content.

6

On the other hand, it can be seen that the higher the ZnO NPs concentration, the
higher Zn content is detected, which indicates successful incorporation of ZnO NPs into the
coatings. Despite the fact that the samples treated with a ZnO NPs concentration of 12 g/L
reached the highest amount of Zn, around 1 at.% for MAO-TH40(TiN) and 0.5 at.% for MAO-
TH525(TiN), they would not be suitable for implant application since the achieved coatings
were no uniform throughout the whole sample surface. The maximum Zn amount
incorporated into the coating, without affecting its regularity, was obtained for 6 g/L,
reaching 0.7 at.% (1.9 wt.%) and 0.3 at.% (0.7 wt.%) for MAO-TH40(TiN) and MAO-
TH525(TiN), respectively.

It has been stated that Ca/P ratio above the stoichiometric ratio of hydroxyapatite
(1.67) favours the early osteoblast cell response and could accelerate the osseointegration
process [13], [19], [41]. Olesko et al. report that controlled Zn ions release would be suitable
to promote both osteogenic and antibacterial effects [47]. In principle, a high Zn ion
concentration improves the antibacterial response, while a low concentration of Zn ions, is
enough to enhance the biological activity [48]. Hence, from these viewpoints, it can be
deduced that all tested samples would be suitable to enhance bioactivity.

7.3.1. Phases identification by X-ray diffraction (XRD)

Figure 7.8 shows the diffractograms obtained for untreated alloys, and MAO treated
samples with different ZnO NPs concentrations. Predominant peaks corresponding with the
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substrates, as 3-Ti (ICDD 01-089-4913) and TiNos (ICDD 01-041-1352), can be identified. Both
alloys show well-defined peaks of anatase phase (ICDD 01-071-1168). However, different
effects are observed for each composition.

A: Anatase (01-071-1168)  R: Rutile (01-076-0321)
0: B-Titanium (01-089-4913) o : TiN, 5 (01-041-1352)

—6 g/l
—4g/L
—0g/L
No treated
A ¢ AA Q- *
A
A AR 8
* A
A 8 Xy
[
e N s Y
T T T T T

Angle 26
(a)

A: Anatase (01-071-1168)  R: Rutile (01-076-0321)
0: B-Titanium (01-089-4913) : TiN,  (01-041-1352)

1 0 ——6glL
——4g/lL
o I* —0gL
A R ¢ A A . %{ —— No treated
| (-] A A A "~
5| ' 8]
S | AR A .8 | l
é A ¢ 4 .
o 0
¢ ¢ ¢ A . M
20 25 30 35 40 45 50 55 60 65 70
Angle 20

(b)
Figure 7.8. XRD for untreated alloys and MAO treated samples with different ZnO NPs
concentration: a) MAO-TH40(TiN) samples and b) MAO-TH525(TiN) samples.

For MAO-TH525(TiN) samples, the intensity of anatase peaks increases for samples
with higher ZnO content. This fact could be related to the growth of the oxide layer as the
ZnO concentration increases (Figure 7.6). Furthermore, small peaks corresponding to rutile
phase (ICDD 01-076-0321) are identified for samples with 4 g/L of ZnO NPs. In MAO-
TH40(TiN) samples, less intense anatase peaks are observed than those of MAO-
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TH525(TiN). The anatase peaks intensity remains almost constant for all ZnO additions.
Despite no rutile peaks being detected in any MAO-TH40(TiN) treated sample, a broad
diffuse peak was found between 25-30°, suggesting the formation of an amorphous phase of

Ti oxide.

During the MAO process, spark discharges cause melting in localised areas that
quickly solidify due to contact with the electrolyte bath. This high solidification rate
produces an amorphous TiO: phase, since it cannot be transformed into a crystalline phase.
[14], [49]

Phase composition observed for MAO samples agrees with those reported in the
bibliography for Ti alloys. Most MAO coatings, performed on Ti or Ti alloys substrates, are
composed of anatase and rutile [17]. Some studies reveal only the presence of anatase phase,
while few studies show only the rutile phase presence. This is because rutile is formed from
the transformation of metastable anatase, where oxygen vacancies act as rutile nucleation
sites [32]. This transformation is highly influenced by processing parameters, like voltage
and current density. It has been reported that anatase amount decreases and rutile increase

as the applied voltage, current density and time increase [50], [51].

Despite the fact that MAO treatments were conducted under the same processing
parameters for both compositions, only MAO-TH525(TiN) samples present rutile. This could
be related to alloying elements acting as promoters or inhibitors of rutile transformation [52].
In the case of Nb, it has been stated it may hinder the rutile transformation because Nb*5 ions
reduce the oxygen vacancies required for this transformation [53]-[55]. Hence, the absence
of the rutile phase in MAO-TH40(TiN) samples could be associated with the higher Nb

amount in this alloy.

According to the electrolyte composition, MAO coatings may exhibit Ca-P-rich
phases such as hydroxyapatite, a-tricalcium phosphate, CaTiOs, 3-Ca2P207. These phases
could enhance the biological behaviour of the components [50]. Ca and P-rich phases were

not detected in the current work.

It is known that MAO coating has a gradient structure composition where the Ca and
P amount incorporated in the oxide increases as coating becomes thicker. Ribeiro et al. [56]
and Dos Santos et al. [57] indicate that Ca is preferably present on amorphous regions of the
oxide layer compared to the crystalline regions. Hence, the amorphous phase detected in
MAO-TH40(TiN) could be related to higher Ca amount retained in the oxide, which could
be favourable to improving the coating bioactivity since it has been reported that these
amorphous areas, being Ca-rich, could be more effective in enhancing cell adhesion and cell
viability [14], [56].
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Although there is no evidence of peaks corresponding to Zn or ZnO in any sample,
XRD results suggest that the addition of ZnO NPs slightly changes the phase composition of
the oxides formed during MAO for MAO-TH525(TiN) samples, favouring the anatase and
rutile formation and increasing the crystallinity of the coating. In contrast, a mixed
crystalline/amorphous oxide phase is obtained for MAO-TH40(TiN), but it does not seem to
be influenced by the ZnO NPs addition.

Several authors have reported that the presence of anatase and rutile may enhance
the biological, electrochemical and tribological properties of Ti alloys [24]. On the one hand,
anatase possesses high reactivity than rutile, which is advantageous for enhancing the alloy
bioactivity and promoting the apatite formation in simulated body fluid [57]. In contrast,
rutile reduces the coefficient of friction of the alloy and improves wear resistance since it has
higher hardness than anatase, reaching about 1733 HV and 815 HV, respectively. Besides,
rutile may exhibit a self-lubricant behaviour, which is also related to improvement in

tribocorrosion resistance [24], [51], [58].

Since anatase was found in both treated alloys, bioactivity improvement is expected
as compared to untreated samples. Additionally, higher wear resistance would be expected
for treated samples MAO-TH525(TiN) due to the rutile formation.

7.4. Partial conclusions.

The main conclusions of the MAO treatment can be drawn as follow:

1. MAO coatings were successfully deposited for both treated alloys. All MAO
coating showed a multiscale surface porous morphology and apparent high roughness,
which are desirable to provide a suitable environment to promote different biological

processes.

2. Samples MAO-TH40(TiN) present a thicker coating with larger internal pores
than MAO-TH525 (TiN), due to higher spark density observed in the current evolution
curves. The coating thickness remains constant in the MAO-TH40(TiN) samples, around
10 pm, regardless of ZnO NPs addition. While for MAO-TH525(TiN), the thickness
increases with the ZnO NPs addition, increasing from 4.5 to 8.7 um for samples without
ZnO NPs and 12 g/L of ZnO NPs electrolyte concentration.

3. Addition of ZnO NPs into the coatings had no significant effect neither on the
electrical response during the MAO process nor surface morphology features.

Addition of 4 g/L and 6 g/L of ZnO NPs, does not modify the MAO coating structure,
which is composed of a thin and dense oxide layer, followed by an inner porous layer,

with smaller pore size; and an outer porous layer, with larger pores. In contrast, some

240 | Chapter 7



areas of porous layers are detached with an electrolyte concentration of 12 g/L of ZnO
NPs.

4. The Ca/P ratio achieved for all treated samples remains constant regardless of
the ZnO NPs concentration. The obtained Ca/P ratio values are higher than the
stoichiometric hydroxyapatite Ca/P ratio, reaching about 3.2 and 2.7 for MAO-
TH40(TiN) and MAO-TH525 (TiN), respectively. Moreover, Zn was incorporated into the
coatings, although a relatively low concentration was achieved. Additionally, all samples
contain anatase. These results suggest that the conducted MAO treatment is a suitable
alternative to improve the bioactivity of the MAO-TH40(TiN) and MAO-TH525(TiN)
samples, and likely to enhance also tribocorrosion behaviour for MAO-TH525(TiN) alloy.
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CHAPTER 8

General
Conclusions






General Conclusions

In this Thesis work, novel low-cost, low modulus and biocompatible 3-Ti alloys,
belonging to Ti-Nb and Ti-Nb-Fe systems were developed and processed by powder
metallurgy. Additionally, different approaches (development of composite materials and
nitride-coating) were proposed to obtain improved mechanical, wear and bioactive

properties of the developed (3-Ti alloys for load-bearing implant applications.

The partial objectives listed in Chapter 2 have been successfully achieved, reaching
reduced elastic modulus, improved wear properties and bio-functionalised surfaces.
Overall, the materials developed are attractive and promising alternatives to be considered
for use as implant materials, especially gas nitrided samples (GN-TH40 and GN-TH525) that

combine low elastic modulus and higher wear resistance.

The main goal, described in Chapter 2, was divided into three sections focused on:
(1) designing and developing low modulus (-Ti alloys reducing raw material cost; (2)
enhancing wear performance and (3) adapting surface features to mimic the implant with

the surrounding tissue. The conclusions will be exposed following the same sections.
Conclusions related to developing low modulus B-Ti alloys from TiHo.

e The use of TiHz is a viable alternative for the processing of Ti alloys by powder
metallurgy. It allows the reductions of the production costs without compromising the
alloy performance.

e Heating conditions, atmosphere and heating rate, are critical parameters for the
dehydrogenation of TiH:. Vacuum heating facilitates hydrogen removal over the heating
in an argon atmosphere. In addition, TiH2 decomposition is slightly modified by the
presence of other elements: Fe and Nb alloying elements accelerate the dehydrogenation
initiation, reducing the onset temperature of the first decomposition stage by about 50-95
°C; and delaying the end of the final stage between 15-50 °C compared to pure TiH-.

e Combining TiH:, Fe and Nb powders, 3-Ti phase is formed at a lower
temperature than expected. The early stabilisation of the B-Ti phase may favour the
diffusion process of other elements because diffusion of some elements occurs faster in 3-
Ti (BCC) than in a-Ti (HCP).

General Conclusions | 249



e Fe addition leads to reduction in the Nb amount required to fully stabilise (3-Ti
phase, which reduces the cost and density of the alloy. In addition, it contributes to
increasing the alloy homogenisation and densification.

e Regarding sintering, the importance of a complete and controlled TiH:
decomposition to obtain better densification values was established. Reducing the heating
rate during the most intense decomposition reaction, from 5 to 2 °C/min, promotes full
dehydrogenation. Moreover, the particle size of the starting powders (especially Nb, that
shows slow diffusivity) significantly influences the diffusive processes. The larger the
particle size of alloying elements, the higher the sintering temperature required to obtain
complete diffusion and homogenisation. High sintering temperature should be avoided
not only to reduce the energy consumption of processing but also to prevent grain
growth, that might impair mechanical properties.

e Three novel PM compositions were developed: Ti-12Nb, Ti-40Nb and Ti-5Fe-
25Nb. The more alloyed compositions (Ti-40Nb and Ti-5Fe-25Nb) are mainly composed
of B-Ti phase, whereas Ti-12Nb is a biphasic (a+{3)-Ti alloys; that may compete against the
usually employed Ti6Al6V alloy.

e TH40Nb and TH5Fe25Nb {-Ti alloys, sintered at 1450 °C (C5), exhibit lower
elastic modulus than biphasic (a+{3) TH12Nb. Elastic modulus decreases up to 44% and
14% for TH40NDb and TH5Fe25Nb, while just 5% for TH12Nb with respect to Ti-6Al-4V
alloy.

e Fatigue resistance could be influenced by the presence of TiC. Hence, both 3-Ti
alloys (TH40Nb and TH5Fe25Nb), having a higher amount of TiC, showed a lower fatigue
limit at 2x10¢ cycles than TH12Nb alloy, reaching 338 MPa for TH5Fe25Nb, 321 MPa for
TH40ND and 368 MPa for TH12Nb.

Conclusions related to enhancing wear performance.

e Samples of Ti-Nb-Fe system outperformed samples of Ti-Nb system in both
hardness and wear resistance. Nevertheless, the main disadvantage of the Ti-Nb-Fe
system samples is that they exhibit a slightly higher elastic modulus than those of Ti-Nb
system

e Modified B-Ti alloys, either by reinforcement addition to produce a composite
material or by deposition of nitriding coatings, allowed increase in the hardness values
with respect to untreated alloys. Among these, gas nitrided samples exhibited better wear
resistance than TiN reinforced alloys. This is because detached TiN reinforcement
particles worsen wear, acting as a third body.

e  Gasnitriding is an effective treatment to develop suitable load-bearing implants.
Gas nitrided samples show the best results, combining improvement in dry sliding

behaviour and maintaining low elastic modulus values, similar to those obtained for
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untreated samples, achieving a wear rate reduction between 43-86% with respect to
untreated base alloys (TH40Nb and TH5Fe25Nb) and elastic modulus values between 73
and 105 GPa.

Conclusions related to biocompatibility.

e Biological tests performed using pre-osteoblast cells (MC3T3-E1) in as-sintered
samples indicated a non-cytotoxic response, exhibiting a biological response similar to Ti.
Cells exhibited good adhesion and proliferation, as well as osteoblasts differentiation after
72 hours of culturing. They also show mineralisation evidence after 21 days of culturing.

e Modified surfaces of TiN reinforced alloys by MAO treatments show suitable
features related to improved biological response. Both MAO-TH40-TiN and MAO-
TH525-TiN samples achieved well-adhered coatings with a thickness between 5-10 pm.
Both MAO coated samples exhibited multiscale surface porosity, and high apparent
roughness. In addition, coatings have a high Ca/P ratio, between 2.7 and 3.2, which will
promote the osseointegration process, and Zn content that provides antibacterial effects.
All these suggest that MAO treated samples could provide a suitable environment to

promote improved biological behaviour.

In order to give a more complete appreciation of the processed materials, some
relevant conclusions about their tribocorrosion behaviour, derived from a collaboration
work with Minho University, are included. They performed tribocorrosion tests of some
alloys developed in this work. The tests were carried out in phosphate buffer solution (PBS;
0.2 g/1KC], 0.24 g/l KH2POs, 8 g/l NaCl, 1.44 g/l Na2HPOxs) at body temperature (37 °C) against

alumina ball, using a load of 1 N.

They found that as-sintered Ti12Nb alloy shows similar tribocorrosion behaviour to
Ti6Al4V. The same study compared the corrosion resistance of cast and powder metallurgy
(PM) Til12Nb alloy. It was found that PM Til2Nb alloys present better corrosion resistance
than cast Til2Nb alloys due to the fact that PM alloys exhibit a more homogeneous

microstructure.

TH525-TiN and TH5Fe25Nb alloys were MAO treated, under similar conditions to
those employed in this work (without ZnO NPs). Both MAO-treated alloys exhibit negligible
wear damage and improved wettability than untreated samples. Hence, an enhanced

biological response could be expected.

The results obtained from tribocorrosion are positive. This validates that these

materials are attractive alternative candidates to produce load-bearing implants.
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Future Lines






Future Lines.

Based on the obtained results, there are some suggested studies to continue
improving mechanical, wear and biological performance on more suitable 3-Ti alloys for

biomedical applications.

e Processing the alloys using smaller particle size of alloying elements (Nb and Fe),
in order to further reduce the sintering temperature and hence, limit the excessive grain

growth of the alloys.

e Evaluate elastic modulus and fatigue resistance of heat-treated alloys with heat
treatment 6 (HT6: heating up 900 °C at 10°C/min, maintaining at this temperature for 6 h,
followed by fast cooling at 600 °C/min), which exhibited a smaller amount and smaller
size of titanium carbide precipitates, in order to validate the adequate mechanical

behaviour and their reliability.

e  Further tests should be performed to find the optimal conditions for reinforced
alloys processing, attempting to improve interfacial bonding of reinforcement particles.
After sintering, hot isostatic pressing (HIP) could be applied as an additional
consolidation step for TiN reinforced alloys to reduce the porosity in the matrix and also
inside reinforcement particles. This would also improve the interfacial bonding between
TiN reinforcement particles and the 3-Ti matrix, avoiding the particle detachment when

the sample is subjected to wear.

e The high elastic modulus achieved for TiN reinforced alloys is not suitable for
biomedical Ti. Nevertheless, these materials could be used as “coating” for beta-Ti alloys,

improving the surface features but maintaining low-modulus in the core.

e Study dry sliding behaviour of MAO treated surfaces. Moreover, it would be
interesting to perform in vitro biological tests to evaluate the osseointegration process of
Ca/P rich surface; and study the Zn ion release and antibacterial effect of ZnO containing

samples.

e  MAO surface modification treatments carried out in this work could be used for
a wide range of titanium alloys. Results obtained in the MAO treatment of TiN reinforced
alloys suggest that there are no differences in the anodised areas above TiN
reinforcements or above the (3-Ti matrix. Since base alloys and gas nitrided samples
presented the lowest elastic modulus values, it would be convenient to perform MAO
treatments in these samples in order to evaluate their biological response.
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