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A B S T R A C T   

The effect of pre-heating and post-weld heat treatment on microstructure and mechanical properties of laser- 
welded joints in a Ti–23Al–23Nb-1.4V-0.8Zr-0.4Mo-0.4Si (at.%) alloy was studied. Laser beam-welding was 
carried out at room temperature as well as after pre-heating up to 800◦С. The post-weld heat treatment 
comprised either air quenching from 920◦С followed by aging at 800◦С or only aging at 800◦С. The micro
structure of the fusion zone consisted of columnar β-grains after welding at room temperature and 400 ◦C or both 
the columnar and large equiaxed crystals at 600 and 800 ◦C. An increase in the pre-heating temperature caused 
the columnar β-crystals growth as well as an increase in the fusion zone and heat-affected zone widths. Mean
while, a decrease in the Al and Ti content, as well as an increase in both the porosity and gaseous elements 
content (O and N) after welding at 600–800 ◦C were found. The microhardness of each joint obtained after 
welding with pre-heating temperatures up to 600 ◦C was lower than that of the base material. All the welded 
joints showed the yield strength and ultimate tensile strength levels between 1070 and 1110 MPa, which 
correspond to approximately 80% of the base metal level. Reasonable total elongation of the joint was achieved 
after welding at 400 ◦C (4.3%). The post-weld heat treatment involving air quenching from 920 ◦C with sub
sequent aging at 800 ◦C for 6 h demonstrated the best results. The heat treatment resulted in the precipitation of 
the O- and α2-phases and an increase in total elongation to 6.5%.   

1. Introduction 

Orthorhombic titanium aluminide (Ti2AlNb) based alloys are very 
attractive high-temperature materials for gas turbine and automotive 
engine components due to their high specific strength, low density, high 
oxidation resistance, and good creep resistance [1,2]. Replacing 
nickel-based superalloys with orthorhombic titanium aluminides can 
reduce the weight of some turbine parts. At the same time, Ti2AlNb-
based alloys have significantly higher ductility and toughness in com
parison with γ-TiAl- and α2-Ti3Al based alloys. Meanwhile, in some cases 
Ti2AlNb, like any structural alloy, must be welded to fabricate parts with 
complex geometries. However, poor weldability of the Ti2AlNb based 
alloys is one of the most significant aspects that limits their wider 
application [2]. 

Several studies have examined welding of Ti2AlNb-based alloys 
using different methods: brazing [3], diffusion welding [4], gas tungsten 
arc [5], resistance spot-welding [6], electron beam-welding [7], friction 
stir-welding [8] and laser beam-welding (LBW) [9]. LBW can be 
considered as one of the most promising techniques for obtaining joints 
of Ti2AlNb-based alloys because of high process efficiency, the possi
bility of both automatization [10], and manufacturing of complex 
structures without additional mechanical treatment [11]. 

Despite the above-mentioned advantages, the formation of a coarse 
columnar structure of the β-phase in the fusion zone can result in a 
decrease in strength and ductility of laser-welded Ti2AlNb joints [12]. In 
addition, the possible introduction of gases in the weld zone and the 
formation of microcracks and pores also contribute to a decrease in the 
mechanical properties [13,14]. Since the β-phase is metastable and 
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undergoes the β→O and/or β→α2 transformations at high temperatures 
[15], post-weld heat treatment (PWHT) can stabilize the structure and 
properties of the joints [10]. PWHT usually consists of quenching from 
the β phase field [16] and aging at temperatures in the range of 
800–840 ◦C, resulting in the O-phase precipitation [17]. 

In addition, due to insufficient ductility of the Ti2AlNb-based alloys, 
the formation of transverse cracks in the joints at high cooling rates 
(more than 300 K/s [18]) is possible. Cracking can be suppressed by 
pre-heating above the brittle-to-ductile transition temperature to reduce 
the cooling rate after welding [19]. For instance, pre-heating brittle 
intermetallic alloys to 600 ◦C and above eliminates the welding crack 
formation in the weld zone [20]. Hence, high-quality laser-welded 
Ti2AlNb joints might be obtained due to PWHT [21]. 

Although several studies focused on the optimization of welding and 
PWHT parameters and examination of the structure-properties relations 
in the obtained joints, there is no systematic information on the effect of 
pre-heating and PWHT on different aspects of LBW joints of Ti2AlNb- 
based alloys. The present work aims to fill this gap and to (i) obtain a 
better understanding of the processing condition-structure-properties 
relationships in LBW of Ti2AlNb-based joints and (ii) establish optimal 
LBW and PWHT conditions for such alloys. 

2. Experimental details 

An ingot of a Ti–23Al–23Nb-1.4V-0.8Zr-0.4Mo-0.4Si (at.%) alloy 
was produced by triple remelting using a vacuum arc skull furnace. The 
following phase fields were found in the program alloy in earlier in
vestigations depending on temperature: O < 770 ◦C < β+O < 900 ◦C <
α2+β+O < 1000 ◦C < α2+β < 1050 ◦C < β [22]. Therefore, the ther
momechanical processing of the ingot comprised: pre-heating to 
1180 ◦C and soaking for 2 h → compression along the main axis with a 
strain of 30% (1st step in Fig. 1) → cooling to 1130 ◦C → multiaxial 
forging with changing the loading direction by 90◦ each next step (2nd 
and 3rd step in Fig. 1) and drawing with cooling to 980 ◦C (4th step in 
Fig. 1). After the drawing, the workpiece was cooled to 950◦С and 
compressed with a strain of 70–75% (Fig. 1). The condition after 
compression was used as the initial one in this study. 

Then plates measured 2 × 15 × 22 mm3 were cut parallel to the last 
compression direction using a wire electrical-discharge machining 
(EDM) Sodick VL400Q. LBW of the obtained plates was carried out at 
room temperature or with pre-heating temperatures of 400 ◦C, 600 ◦C 
and 800 ◦C. A ytterbium fiber laser YLS-8000 with a maximum power of 
8.0 kW and a chamber with a controlled protective gas atmosphere (Ar 
of 99.998% purity) was used to conduct autogenous butt welding. 
Ceramic heaters were used for pre-heating and the heat transfer to the 
specimens was ensured by using ceramic plates with high heat con
duction. The pre-heating temperature was controlled with a thermo
couple (type N, TC Direct) connected to the ceramic heaters. The 
following LBW process parameters, identified based on our previous 
studies, were applied: laser power 4.0 kW, welding speed 3.0 m/min, 
laser defocusing distance 0.0 mm [23]. 

PWHT was performed using a Nabertherm LT 5/12/P320 furnace. 

Two different PWHT modes were used: PWHT1 – the samples were 
heated to 920◦С, held for 2 h with subsequent air cooling to ambient 
temperature, and, then, subjected to aging at 800◦С for 6 h, followed by 
air cooling; PWHT2 – the samples were subjected to aging at 800◦С for 6 
h, followed by air cooling. To prevent oxidation, the specimens were 
sealed in a ceramic capsule with protective argon gas and titanium 
chips. 

The microstructure of the joints was investigated by transmission 
electron microscopy (TEM) and scanning electron microscopy (SEM). 
TEM observations were performed using a JEOL JEM-2100 transmission 
electron microscope at an accelerating voltage of 200 kV. For TEM ob
servations, templets with a thickness of 300 μm were cut using EDM and 
thinned to 100 μm on a LaboPol-5 mechanical grinding-polishing ma
chine. Further, disks with a diameter of 3 mm cut from the thinned 
plates, were subjected to double-jet electrolytic polishing and perfora
tion using Struers Tenupol-5 with an electrolyte comprising of 60 ml of 
HClO4, 600 ml of CH3OH and 360 ml C4H9OH at 27 V and − 30 ◦C. After 
perforation, the foils were washed in distilled water and ethyl alcohol 
and thoroughly dried. 

SEM-observations were carried out using a Nova NanoSEM 450 and 
FEI ESEM Quanta 200 electron microscopes equipped with an EDAX 
Hikari EBSD camera, a back-scattered electron (BSE), and energy- 
dispersive X-ray spectroscopy (EDS) detectors, at an accelerating 
voltage of 30 kV. The sample surface for microstructural studies was 
ground with abrasive papers. Then the surface was polished with OP-S 
NonDry suspension using Struers MD Chem equipment. The final 
cleaning of the surface was carried out using an ultrasonic bath Sapphire 
in acetone for 30 min, followed by cleaning with Fischione Plasma 
Cleaner. Phases and structural geometric characteristics were identified 
using TSL OIM analysis, from which the points with the confidence index 
(CI) < 0.1 were excluded. The Nb content in gas pore walls was esti
mated on fracture surfaces using the EDS-detector. 

X-ray phase analysis was performed by a Rigaku SmartLab X-ray 
diffractometer using CuKα radiation. The study was carried out in the 
range of 2θ angles 15–120◦ with a step of 0.02◦. 

The content of oxygen and nitrogen was examined using a METEK- 
300/METEK-600 analyzer with Meta Terminal software. Probes of the 
fusion zone with a weight of ~4 g were cut using EDM. Then the surface 
was ground and cleaned within the ultrasonic bath in acetone for 30 
min. 

Tensile testing was performed using an Instron 5882 machine at 
room temperature and an initial strain rate of 10− 3 s− 1. Tensile speci
mens cut by EDM were mechanically ground and polished as per the 
above-mentioned procedure. The loading direction was perpendicular to 
the welding line. The geometry of the tensile specimens with the gauge 
measured 6 × 3 × 1.5 mm3 is presented in Fig. 2a. At least two speci
mens were examined per each condition. Additionally, the local strain 
distribution along the gauge was measured. For that purpose, transverse 
lines at a distance of 1 mm were drawn at each specimen. The spacing 
between the lines was measured before and after testing using an 
Olympus STM6 measuring microscope. Microhardness testing was per
formed across the as-received joints using a Vickers 402MVD 

Fig. 1. Scheme of deformation path.  
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microhardness tester with a step of 0.1 mm, a load of 0.2 kg, and a dwell 
time of 15 s (HV0.2) (Fig. 2b). 

3. Results and discussion 

3.1. Initial structure 

The initial structure of the program alloy is shown in Fig. 3. The 
following phases were detected by XRD (Fig. 3a): β- (an ordered B2 
phase with the Pm3m symmetry), O- (an ordered orthorhombic phase 
with the Cmcm symmetry), and α2-phases (an ordered DO19 phase with 
the P63/mmc symmetry). The β-phase matrix, globular α2-phase, and 
lamellar O-phase particles were also observed in SEM-BSE images 
(Fig. 3b and c). The content of Nb (the element with the highest atomic 
number in the alloy) gradually decreased from the maximum in β- to O-, 
and then to the α2-phase, due to which these phases are visible as bright, 
gray, and dark areas in the BSE images, respectively [24]. The structure 
comprised of large elongated primary β-phase grains with a length of 
410 ± 50 μm and a width of 85 ± 20 μm (Fig. 3b). The primary β-grains 
in turn are composed of smaller grains/subgrains with a diameter of 3.1 
± 1.3 μm (Fig. 3c). Globular particles of the α2-phase with a diameter of 
1.2 ± 0.7 μm are found along the β-grain/subgrain boundaries. Lamellae 
of the O-phase with a length of 200 ± 60 nm and a width of 30 ± 10 nm 

exist within the β-grains/subgrains (Fig. 3d). The phase composition (as 
per TEM data), included 34% of the α2-phase, 26% of the β-phase, and 
40% of the O-phase. 

3.2. Weld seam appearance 

The welds produced by LBW with different pre-heating temperatures 
are shown in Fig. 4. After LBW at RT transverse cracks with a length of 
0.5 ± 0.1 mm were found (Fig. 4a). The hot crack formation was likely 
associated with high internal welding stresses. Pre-heating to 400 ◦C and 
above decreased the crack formation probability. LBW in the keyhole 
mode resulted in the formation of more pronounced underfills, which 
are caused by the expulsion of the welded material. The appearance is 
typical for LBW of Ti-alloys at high welding speeds combined with high 
laser power levels in a keyhole mode [25]. The welds obtained at RT and 
400◦С had a bright silvery weld bead and seam root (Fig. 4a and b) that 
indicated an absence of oxidation [26]. Upon pre-heating to 600 ◦C, the 
weld exhibited a yellowish tint (Fig. 4c) that is considered acceptable for 
welded joints [27]. However, the purple color of the welds after welding 
with pre-heating to 800 ◦C indicated severe oxidation (Fig. 4d). The 
Ti2AlNb-based alloys are prone to corrosion at temperatures above 
700 ◦C, therefore the evidence of active oxidation at 800 ◦C is not sur
prising [28]. 

Fig. 2. (a) Tensile specimen geometry and (b) scheme of microhardness testing. In Fig. 2b, the red line and white arrows indicate the location and direction of 
microhardness testing, respectively. All of the dimensions are in mm. 

Fig. 3. Microstructure of the program alloy in the initial condition: (a) XRD pattern, (b), (c) BSE-SEM, and (d) bright field TEM images.  
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3.3. Weld seam microstructure 

Structure of the transverse section of the joints after LBW at different 
pre-heating temperatures is shown in Figs. 5 and 6. Three zones can be 
clearly distinguished in the welded joint (Fig. 5): the fusion zone (FZ), 
the heat-affected zone (HAZ), and the base metal (BM). According to Liu 
et al. [29] and Wang et al. [27], the FZ possessed the hourglass-shaped 
cross-section due to more significant melting (less efficient heat dissi
pation) in the upper and lower part compared to the middle part. FZ 
predominantly consisted of the β-phase. The cooling rate was high 
enough to retain the β-phase structure in FZ and mostly suppress the O- 
and α2-phases formation during solidification of the melted material that 
can also be associated with the effect of a high Nb content [21]. How
ever, at 800 ◦C, less than 10% of the O-phase lamellae were detected 

within FZ (Supplementary Materials, Fig. S1). 
Depending on the phase composition, HAZ can be divided into the 

following zones: HAZ1 - β (Fig. 5c), HAZ2 - β + α2 (Fig. 5d), HAZ3 - β +
α2 + O (Fig. 5e). A similar structure of HAZ in Ti2AlNb-based alloys was 
also reported by Wang et al. [27] and Zhang et al. [21]. In HAZ1, large 
β-phase grains were observed (Fig. 5c). Meanwhile, the α2-and O-phases 
were completely dissolved upon heating during welding; subsequent fast 
cooling almost completely suppressed their precipitation. In HAZ2 the 
globular α2-phase was partially preserved (Fig. 5d) because the heating 
temperatures were not sufficient to the complete α2→β transformation 
[21]. In comparison to BM, HAZ3 consisted of β + O + α2 (Fig. 5e) where 
the O-phase partially transformed into the β-phase upon heating, while 
the α2-phase was mainly retained. For all the considered pre-heating 
temperatures, the HAZ structure was qualitatively similar. It should be 

Fig. 4. Appearance of welds obtained at (a) RT, (b) 400◦С, (c) 600◦С, and (d) 800◦С. Insert in 4a is BSE-SEM image. Red arrows indicate the laser beam mo
tion direction. 

Fig. 5. Transverse structure of (a) the weld seam, (b) FZ, (c) HAZ1, (d) HAZ2, and (e) HAZ3 after LBW at RT.  
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noted that the weld line was perpendicular to the elongated, primary 
β-grains (Supplementary Materials, Fig. S2). 

EBSD IPF maps (Fig. 6) show the effect of pre-heating temperature on 
grain structure of FZ. The fusion zone after LBW at temperatures from RT 
to 400◦С consisted of elongated β-grains/subgrains with an average 
length of 300–350 μm aligned from the fusion line (FL) to the center of 
FZ (Fig. 6a–f). An increase in the pre-heating temperature from RT to 
800◦С resulted in a gradual increase in width of the elongated grains/ 
subgrains from ~55 to ~125 μm, respectively, due to decreased heat 
removal and lower crystallization rates. However, at 600 and 800 ◦C, 
large globular grains with a diameter of ~300 μm were found in the 
middle of FZ. After preheating to 800 ◦C, large globular grains occupied 
a large portion of the FZ. So, an increase in the pre-heating temperature 
from RT to 800 ◦C caused some growth of the β-grain area from 0.007 ±
0.001 mm2 to 0.012 ± 0.001 mm2, respectively (Fig. 7a). Meanwhile, 
only a slight increase in the FZ width with increasing the pre-heating 

temperature from RT to 800 ◦C was also revealed. 
An increase in the pre-heating temperature increased the size of 

β-grains in the HAZ1. For instance, after LBW at 800 ◦C, some β-grains 
enlarged to 1 mm (Fig. 6h), while, at RT, the size of β-grains in the HAZ1 
did not exceed 70 μm (Fig. 6b). This difference can be associated with (i) 
dissolution of the α2-particles (Fig. 5c) pinned boundaries of the β-grains 
and thereby preventing grain growth and (ii) a general increase in 
temperatures with rising of the pre-heating temperature. Besides, an 
increase in the pre-heating temperature resulted also in widening the 
HAZ1 as well as the HAZ (Fig. 7a). 

Globular grain structure was detected near the FZ/HAZ boundary, i. 
e. FL (Figs. 5a and 6), and in some parts of the HAZ. An increase in the 
pre-heating temperature from RT to 800 ◦C resulted in an increase in the 
average β-grain/subgrain size along FL from ~40 to ~110 μm, respec
tively. It should be noted that FL is a possible site of failure [30] due to a 
coarse structure, the presence of pores, and rather high local stresses. So, 

Fig. 6. Transverse sections of the weld zones after LBW at (a, b) RT, (c, d) 400◦С, (e, f) 600◦С, and (g, h) 800◦С; SEM BSE image and EBSD IPF map shown 
respectively in the left and right parts of an image. Black and white lines denoted boundaries with low- (3–15◦) or high-angle (>15◦) misorientations, respectively. 
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doubling of the β-grain/subgrain size nearby FL can result in loss in 
ductility. The width of the HAZ increased pronouncedly from 1.6 to 3.3 
mm with increasing the pre-heating temperature due to increased heat 
input. 

It should be noted that internal uniformly distributed spherical pores 
were found within FZ (Figs. 5 and 6). The size of the pores slightly grew 
with increasing the pre-heating temperature from ~40 μm at room 
temperature to the maximum size of ~50 μm after LBW at 800 ◦C. Ac
cording to Zhan et al. [31], the porosity of LBWed joints of TA15 tita
nium alloy can be caused by water absorption and Al evaporation. 
Apparently, an increase in the gas pores size was associated with 
increasing the pre-heating temperature which intensified the hydrogen 
accumulation and Al evaporation process [31]. These processes 
occurred during LBW because of very high laser power-density input 

[27]. At the same time, fast solidification of a molten pool caused the 
capture of hydrogen and Al vapor bubbles. A corresponding decrease in 
the content of Al in FZ after LBW at 600–800 ◦C was indeed detected in 
FZ (Fig. 7b). A similar effect was also observed after selective laser 
melting of a Ti2AlNb-based intermetallic alloy [32]. A decrease in the Ti 
content (most likely due to evaporation of Ti) was also obtained at 
800 ◦C (Fig. 7b). Meanwhile, the Nb content in gas pore walls with an 
increase in the pre-heating temperature from 400 to 800◦С increased 
dramatically from 47 to 66%. Furthermore, LBW at 800 ◦C resulted in a 
decrease in the Ti and Al contents to 9% and 21%, respectively. It is 
important to note that the content of oxygen and nitrogen gradually 
increased with pre-heating temperature (Fig. 7c). Dary and Pollock [33] 
and Yan et al. [34] found that an increase in the content of oxygen can 
result in decreasing ductility. 

Fig. 7. (a) Geometric parameters and (b)–(c) composition of welds as a function of pre-heating temperature. OBM and NBM – the oxygen and nitrogen content in the 
base metal. 

Fig. 8. Microhardness distribution of the joints after LBW at (a) RT, (b) 400 ◦C, (c) 600 ◦C, and (d) 800 ◦C.  
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3.4. Mechanical properties and deformation behavior of the joints 

The microhardness distribution across the weld is shown in Fig. 8. At 
RT and 400–600 ◦C, the microhardness of the welded seams slightly 
decreased to 340–375 HV0.2, while the BM hardness was 360–390 HV0.2. 
For Ti2AlNb-based alloys, the main hardening mechanism is precipita
tion hardening by the O-phase particles [8], therefore the dissolution of 
the O-phase in FZ resulted in a decrease in microhardness in comparison 
with BM. Meanwhile, the volatility of hardness was very high at 800 ◦C 
(Fig. 8d). For example, three conspicuous peaks in the middle part of FZ 
and HAZ were observed. An increase in microhardness of FZ can be 
associated with enrichment with oxygen and nitrogen (Fig. 7c) that 
caused significant strengthening [35]. At the same time, fine needle-like 
particles of the O-phase arisen within large β-phase grains (Supple
mentary Materials. Fig. S1b) due to slower cooling rates during LBW 
contributed to precipitation strengthening of FZ and HAZ (HAZ2 and 
HAZ3 in particular). It is worth noting that similar (yet less visible) ef
fects were observed after welding at 600 ◦C (Fig. 8c). 

It should be mentioned that the scatter of the welded joint’s hardness 
should not exceed 20% to avoid a drop in mechanical properties [36]. 
However, the relative hardness change after LBW at various tempera
tures did not exceed 11%. 

Tensile stress-strain curves and mechanical properties of the pro
gram alloy in the initial condition and after LBW are shown in Fig. 9. The 
alloy in the initial condition exhibited high strength (yield strength YS 
= 1320 MPa, ultimate tensile strength UTS = 1390 MPa) together with a 
reasonable both strain hardening capacity and total elongation (TE =
11.3%). After welding, both strength and ductility deteriorated. Welding 
conditions had a very limited effect on strength - the yield strength and 
ultimate tensile strength of the joints were within narrow ranges of 
1070–1100 MPa and 1080–1110 MPa, respectively. The ratio between 
the ultimate tensile strength of the initial material and the joints was 
~0.8. Meanwhile, ductility of the joints showed a strong dependence on 
the pre-heating temperature. The joint after LBW at 400 ◦C demon
strated the best total elongation (4.3%). Stress-strain curves for the 
joints, obtained at RT, 600 ◦C, and 800 ◦C showed only limited plastic 
strain thus the corresponding values of TE were below 2%. 

The results of local strain measurements along the gauge length are 
shown in Fig. 10a. The local strain values correlated well with TE, ob
tained during tensile tests (Fig. 9). Significant heterogeneity of strain 
distribution was revealed. The maximum strain values corresponded to 
the center of the specimens, i.e. to FZ and HAZ. Note that microhardness 
measurements have revealed decreased microhardness in these areas 
(Fig. 8). At FZ/HAZ region, the maximum of local strain reached ~12% 
at 400 ◦C, ~6% at RT, and <2% at 600–800 ◦C. 

To get more insights into the deformation behavior of the welds, the 
surface relief of different parts of gauges was examined. After welding at 
400 ◦C, straight sharp lines indicated the development of slip in two 
different directions in the center of the specimen, i.e. in FZ with the 
single β-phase structure (Fig. 10b). Similar slip patterns were found in 
HAZ located ~1.5 mm away from the center of the specimen (Fig. 10c), 

despite significantly lower local strain in this area and the presence of 
the α2 and O particles. No signs of slip were detected in BM, which 
correlated well with low values of local strain in this area (Fig. 10d). 
Somewhat different surface relief was observed after LBW at 600 ◦C. In 
the central (FZ) part, well-developed slip patterns were found (Fig. 10e). 
Yet, the slip lines were curved and indicated activation of only one slip 
system. Lower slip intensity was detected in HAZ (Fig. 10f). Meanwhile, 
no-slip patterns were found in BM (Fig. 10g). After LBW at 800 ◦C, any 
surface relief along the gauge length was not detected. 

SE - SEM images of the fracture surfaces after tensile tests are shown 
in Fig. 11. Fracture of all samples occurred through FZ perpendicularly 
to the loading direction. SEM-overviews of the fracture surfaces ob
tained at RT and 400 ◦C revealed only a few small pores (Fig. 11a and b). 
At 600 and 800 ◦C, both large and small pores were observed (Fig. 11c 
and d). Secondary cracking was observed in the fracture surfaces of all 
specimens (Fig. 11e–h). The average length of the secondary cracks 
increased with an increase in the pre-heating temperature from ~50 μm 
at RT and 400 ◦C (Fig. 11a and b) to ~500 μm at 600–800 ◦C (Fig. 11c). 
The crack formation was most likely associated with the transgranular 
cleavage fracture within the β-grain. The fracture mode found here is 
consistent with other results obtained for the welded joints of Ti alloys 
with a β structure [21]. 

Generally, plastic deformation of the joints after LBW with different 
pre-heating temperatures was located in FZ and HAZ (Fig. 10) due to 
both significantly higher strength of BM and a higher volume fraction of 
a soft β-phase in FZ (Fig. 8). Interestingly, the local ductility of FZ for 
pre-heating temperature of 400 ◦C (~12%) exceeded the total elonga
tion of the base metal (11.5%). However, the ductility of the specimens 
welded at other temperatures was noticeably lower. We suggest the 
following factors were responsible for brittleness of the joints heated to 
600 and 800 ◦C: (i) a coarse dendritic structure in FZ (Fig. 7a); (ii) a high 
percentage of nitrogen and oxygen (Fig. 7c); (iii) higher porosity in 
comparison with room temperature and 400 ◦C. According to the frac
ture surface examination (Fig. 11), the latter strongly affected ductility 
because single pores served as stress concentrators. On the other hand, 
the low ductility of the welds obtained at RT was most likely associated 
with the presence of hot cracks due to high residual stresses. The re
sidual stresses were mostly released in the case of pre-heating to 400◦С 
and above due to lower cooling gradients after welding. Thus, the pre- 
heating temperature of 400◦С is suggested to be an optimal option for 
LBW of the program Ti2AlNb-based alloy joints. 

3.5. Post-weld heat treatment of the joints obtained at 400 ◦C 

The previous results (Section 3.4) have demonstrated that the best 
mechanical characteristics, in particular ductility, were obtained after 
LBW with pre-heating at 400 ◦C. Therefore, in the present section, we 
focused on PWHT of these specimens. PWHT of the program alloy after 
LBW with other pre-heating temperatures was also performed, the ob
tained results are collected in Supplementary Materials (Figs. S3 and 
S4). PWHT modes included quenching from 920 ◦C and/or aging at 

Fig. 9. (a) Stress-strain curves of the as-received condition and the joints and (b) dependence of mechanical properties on the pre-heating temperature.  
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800 ◦C that, according to Ref. [22], corresponded to the α2 + β +
O-phase and β + O-phase fields, respectively. 

The β-, O-, and α2-phases were formed in the program alloy after both 
PWHT1 and PWHT2 (Fig. 12). After PWHT1, the O-lamellae with a 
length of 1.67 ± 0.91 μm and a width of 0.21 ± 0.09 μm and surrounded 
by the β-phase matrix were found in FZ (Fig. 13a and b). At the same 
time, a few α2-particles most likely formed at 920 ◦C (i.e. in the α2+β+O- 
phase field) were detected along boundaries of the β-grains (Fig. 13a and 
c). After PWHT2, the O-lamellae had a length of 1.99 ± 0.94 μm and a 
width of 0.11 ± 0.07 μm (Fig. 13d). The volume fraction of the β-phase 
in FZ was 31% and 26% after PWHT1 and PWHT2, respectively. 

The microhardness distribution across the weld was also examined 

(Fig. 14). After PWHT1, a pronounced decrease in hardness in com
parison with the as-welded condition (Fig. 8b) and low volatility of 
microhardness (320–340 HV) was observed (Fig. 14a). The microhard
ness values after PWHT2 were considerably higher (340–420 HV). In 
addition, a significant increase in hardness in FZ and adjacent areas of 
HAZ was detected (Fig. 14b). 

Obviously, better mechanical properties were obtained after PWHT1 
(UTS = 1140 MPa, YS = 1070 MPa, TE = 6.5%) compared to PWHT2 
(UTS = 1190 MPa, YS = 1190 MPa, TE = 0.2%) (Fig. 15a). Strain 
localization in the samples after PWHT1 and PWHT2 was mainly 
observed within FZ/HAZ (Fig. 15b). Local ductility of other areas of the 
sample after PWHT2 was negligible, while after PWHT1 approximately 

Fig. 10. (а) distribution of strain along the gauge length of the tensile specimens and gauge surface in the selected areas, illustrated by SEM-BSE images. BSE- 
micrographs demonstrated surface relief (b)–(d) for LBW 400 ◦C, (e)–(g) for LBW 600 ◦C. 

Fig. 11. SE - SEM photographs of the fracture surface of the tensile specimens after LBW at (a), (e) RT, (b), (f) 400◦С, (c), (g) 600◦С and (d), (h) 800◦С.  
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4–6% of strain was registered beyond FZ/HAZ. 
Fracture surfaces after tensile tests were also examined (Fig. 15c and 

d). After PWHT1, ductile fracture occurred with the formation of dim
ples and quasi-brittle facets on the fracture surface (Fig. 15c). However, 
a mainly intercrystalline fracture was obtained after PWHT2 (Fig. 15d) 
that agrees with the results of earlier work [37]. Furthermore, several 
cracks were detected on the fracture surface. It should be noted that 
some gas pores were found in both cases. 

The obtained results show a very promising combination of strength 
and ductility of the joints after, air quenching from 920 ◦C with subse
quent aging at 800 ◦C (PWHT1). On the one hand, high ductility (TE =

6.5%) might be associated with a high amount of the soft β-phase in the 
weld [1] in comparison with PWHT2. On the other hand, ductility can be 
associated with coarser O-phase precipitates. In contrast, the fine 
O-phase precipitates produced after soaking at 850 ◦C for 2 h, i.e. con
ditions similar to PWHT2, were earlier found to cause embrittlement 
[21]. In contrast to smooth hardness distribution after PWHT1, an in
crease in microhardness in FZ and adjacent HAZ after PWHT2 was also 
obtained (Fig. 14). Hence, additional strengthening of FZ after PWHT2 
resulted in a loss of ductility. Also, it might be hypothesized that a high 
soaking temperature (920 ◦C) during PWHT1 can result in further 
release of residual stresses generated during welding thereby improving 
ductility. 

4. Conclusions 

The effect of pre-heating temperatures and post-weld heat treat
ments on the structure and mechanical properties of the laser-welded 
Ti–23Al–23Nb-1.4V-0.8Zr-0.4Mo-0.4Si (at.%) alloy was studied. The 
following results were obtained:  

1. The most beneficial pre-heating temperature for laser beam welding 
(LBW) of Ti2AlNb-based joints was 400 ◦C because of obtaining 
reasonable ductility (total elongation to fracture was 4.3%). At room 
temperature, hot cracks in the joints were formed. LBW at 600 and 
800 ◦C was associated with the lack of ductility due to coarsening of 
dendritic structure in the fusion zone, enrichment of the fusion zone 
by nitrogen and oxygen concentration, and an increase in porosity. 
The yield strength and ultimate tensile strength of the LBWed joints 
were in the range of 1070–1110 MPa that corresponded to ~80% of 
the strength of the base metal. 

Fig. 12. XRD patterns of welds after LBW at 400 ◦C and subsequent 
heat treatment. 

Fig. 13. Structure of FZ after LBW at 400 ◦C and subsequent heat treatment: (a), (d) - BSE-SEM images; (b), (c) - TEM images; (a), (b), (c) – microstructure after 
PWHT1; (d) - microstructure after PWHT2. 
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2. An attractive combination of strength and ductility was obtained in 
the LBWed-at-400 ◦C joints after air quenching from 920 ◦C with 
subsequent aging at 800 ◦C (PWHT1). In comparison with single 
aging at 800 ◦C (PWHT2), high ductility (TE = 6.5%) corresponded 
to a higher amount of the soft β-phase, coarser O-phase precipitates 
in the weld and expected release of residual stresses during holding 
at 920 ◦C. The lack of ductility after other LBW modes did not regain 
using applied post-weld heat treatment modes. 
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