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The as-deposited microstructure and mechanical properties of Received 23 February 2022

the near-B titanium alloy Ti-5Al-5V-5Mo-3Cr (Ti-5553) produced Accepted 8 August 2022

by wire-arc additive manufacture (WAAM) were investigated, to

understand its microstructural evolution under WAAM KEYWORDS )
L. .. . . Additive manufacture;

deposition conditions and to establish correlations between titanium; phase

the microstructure features formed and the thermal cycles transformation: texture

experienced during deposition. The ‘as-deposited’ Ti-5553

WAAM material exhibited higher tensile strengths than other

as-deposited additively manufactured Ti-5553 deposits

previously reported in the literature, but had significant

anisotropy in elongation, as a consequence of the coarse and

columnar B-grain structure that formed on solidification,

which exhibited a strong {001}4(001); cube texture. The

multiple reheating cycles, inherent to the WAAM process,

were recorded using a novel ‘harpoon’ thermocouple

technique, and the a precipitation evolution was related to

the thermal history. Electron probe microanalysis chemical

maps revealed significant solute microsegregation during

solidification, which influenced the subsequent precipitation

due to its effect on the local B-phase stability. As each layer

experienced more reheating cycles, the microstructure

evolution could be ‘time resolved’ and the a laths were

found to precipitate in a specific sequence of nucleation sites,

starting at the (3-grain boundaries and then inter-dendritically,

where there was lower matrix ( stability. However, after the

reheating peak temperature was insufficiently high to have

any further effect, the microstructure consisted of a relatively

uniform distribution of a laths.
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1. Introduction

The alloy Ti-5A1-5Mo-5V-3Cr-0.5Fe (Ti-5553, wt.%) is a modification of the
Russian-developed near-p titanium alloy VT-22 and can offer strengths as
high as 1300 MPa in thick section aerospace components [1, 2]. The use of
this alloy has grown substantially during the last 15-20 years, thanks to its out-
standing deep-hardenability and its retention of useful levels of ductility and
toughness after heat treatment [1, 3]. In addition, although significantly more
expensive, P-stabilised titanium alloys like Ti-5553 offer other advantages
over the more commonly used a-f titanium alloys like Ti-6Al-4V (Ti-64),
such as increased high-cycle fatigue properties [1-3]. Ti-5553 is therefore an
attractive alloy to investigate for near-net-shape additive manufacturing
(AM) applications.

The greater strength of alloys like Ti-5553 arises from the controlled
decomposition of the metastable B phase, which in conventional products
occurs through solution and aging heat treatments that produce a uniform dis-
tribution of fine a-phase lath-morphology precipitates. Due to the greater con-
centration of [-stabilising elements (V, Mo, Cr), the lower pB-transus
temperature, and presence of slow diffusing elements like Mo, diffusional
phase transformation kinetics in Ti-5553 are slower than in Ti-64, allowing
the metastable-p phase to be retained at room temperature with relatively
slow cooling rates [1, 3-5]. In addition, the metastable-P solid solution can
decompose by multiple transformation pathways that are highly dependent
on the thermal conditions, including heating rate, cooling rate, and time at
temperature [1, 3-7]. In AM, in the as-deposited state, a greater level of micro-
segregation is also expected within the parent p grains in Ti-5553 than in Ti-64,
due to the greater deviation of the partition coeflicients of the main alloying
elements Mo and Cr from unity [8-12]. As a result, the AM microstructures
of as-deposited Ti-5553 differ greatly to those of Ti-64 and are highly depen-
dent on the cyclic thermal conditions experienced during a specific AM
process, which will have a varied effect on the final microstructure and mech-
anical properties of the as-deposited material [12-18].

To date, studies of the microstructure of Ti-5553 produced by AM have only
focused on higher-energy-density laser and powder based processes (e.g. [12,
14]). Some of this work has focused on the processability of Ti-5553, to
obtain high density parts, while other studies have focused on metallurgical
aspects of the microstructure development under different AM conditions
[12-17, 19], [20]. The as-deposited solidification microstructure is typically
reported to develop with coarse, columnar B-phase grains elongated in the
average solidification direction [12, 16, 18]. Due to the rapid thermal cycles
in AM processes, the presence of the a phase, which precipitates below the {8
transus after solidification, has only been found during certain build conditions.
In the powder bed and laser directed energy deposition (DED) processes
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studied to date, a precipitation has only been seen when higher heat inputs are
used, or where a higher build temperature is maintained by heating the base
plate [12, 14, 16]. Thus, it is evident that the heat input, energy density, and
thermal cycles experienced during AM play an important role in controlling
the as-deposited transformation microstructure of Ti-5553, which strongly
influences its mechanical properties.

High-deposition-rate, wire-fed, plasma-arc-based AM has significant advan-
tages for producing larger scale titanium components; however, no studies have
been previously published on Ti-5553 (to the authors’ knowledge). We have
recently reported on the microstructure transition seen between Ti-5553 and
Ti-64 in alloy-alloy composite WAAM deposits [18], but the effect on the evol-
ution of the transformation microstructure in a near-f alloy has not yet been
fully characterised. It is therefore important to explore the phase transform-
ation behaviour in this alloy during an additive process that involves a more
diffuse heat source, relatively larger melt pool and significantly lower cooling
rates (<100°C/s) [12, 14, 17, 21-27]. In addition, there is currently only very
limited information available in the literature on the interaction between Ti-
5553 and arc heat sources in the context of arc welding [28].

The present study therefore seeks to improve understanding of the as-depos-
ited microstructural evolution of Ti-5553 during the complex, but slower, cyclic
heating and cooling rate thermal history of a typical high-deposition-rate AM
process, capable of building large aerospace components. In this paper, in-
depth multiscale microstructure characterisation has been performed, using a
range of techniques, including optical microscopy, electron backscatter diffrac-
tion (EBSD), transmission Kikuchi diffraction (TKD) and electron probe
microanalysis (EPMA), to fully understand both the effects of the solidification
microstructure and subsequent thermal cycling on the a precipitation behav-
iour in a wire and plasma arc AM process. In addition, the full temperature
cycle during deposition was recorded, using a novel ‘harpoon’ technique, so
that correlations could be established between the microstructure development
and thermal history.

2. Materials and methods
2.1 Sample manufacture

A single-track-wide linear wall was deposited using a plasma transferred arc
(PTA) welding power source attached to a 6-axis industrial robot. In order to
provide an inert atmosphere to avoid oxidation, deposition was performed
inside a flexible shielding tent filled with argon. An oxygen concentration
level of approximately 800 ppm was maintained during deposition and moni-
tored by an oxygen analyser. The sample was built using an average current of
160 amps, travel speed of 5 mm/sec, and wire feed speed of 1.8 m/min. The
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Figure 1. (a) Schematic representation of the experimental setup (the reference system is
defined as: building direction (BD), transverse direction (TD), and deposition direction (DD));
(b) the manufactured sample, and (c) geometry and dimensions of the uniaxial tensile specimen
used.

torch stand-off distance was 8 mm, with an argon plasma gas flow rate equal to
0.8 I/min, and a shielding gas flow rate of 15 1/min. The composition (wt.%) of
the Ti-5553 1.2 mm diameter wire used was Al 5.0%, V 4.92%, Mo 4.86%, Cr
2.89%, Fe 0.43%, O 0.129%, C 0.007% and N 0.002% with a balance of Ti.
The manufactured wall had final dimensions of approximately 9 x 130 x 310
mm and was deposited on an 11 mm-thick Ti-64 substrate. During deposition,
the heat source travel direction was alternated (backwards and forwards) every
layer. A schematic diagram of the deposition process and an image of the built
wall are presented in Figure 1.

2.2 Thermal cycle measurement

The thermal history of the upper section of the deposit was measured, in order
to correlate it with the microstructural evolution during deposition, using a
novel, in-house developed thermocouple ‘harpooning device’. This device
enabled a type-R thermocouple to be automatically plunged into the centre
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¥ «——— R type thermocouple

Figure 2. (a) Schematic of the harpooning device used in this work. (b) Still image showing R-
type thermocouple inserted into the melt pool using the harpooning device.

of the melt pool with precise positioning during deposition. To the authors’
knowledge, this is the first time this type of device and experimental approach
have been used to acquire thermal data during WAAM processing of a titanium
alloy. A schematic of the device used, and a still image of the inserted thermo-
couple, can be seen in Figure 2. The harpooning action of inserting the thermo-
couple into the melt pool was achieved by using a linear pneumatic actuator
attached to a set of high precision linear stages that allowed accurate adjust-
ments of the thermocouple position. At the same time, a solenoid type valve
was interfaced with the robot motion system, which allowed insertion of the
thermocouple in the exact desired location. After insertion at the central line
of a melt track, the thermocouple solidified in place. This enabled accurate
measurement of the thermal cycles experienced at the selected location
during the deposition of subsequent layers. The data was recorded using
LabVIEW with a data acquisition rate of 10 Hz.

2.3 Mechanical testing

Tensile tests were performed under the guidelines of the BS EN 2002-1:2005
standard [29] using an Instron 5500R electromechanical test frame, equipped
with a load cell of 100 kN and an extension rate of 0.2 mm/min. Tensile
coupons were machined out of the WAAM manufactured sample with the
test direction both in the vertical build direction (BD) and horizontally, parallel
to the wall (DD). Five samples from each orientation were tested and the proof
stress, ultimate tensile strength, and elongation to failure were averaged, with
errors given as one standard deviation. The sample extension was measured
with a laser extensometer. The geometry of the tensile coupon used is indicated
in Figure 1(c).

Vickers hardness maps were acquired automatically across the centre of the
BD-TD plane with a Struers Durascan 80 hardness tester, using an array of
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indents with a 0.4 mm pitch, with an applied load of 0.1 kg and a 10 s dwell
time. The hardness vs build height profile was produced from the array data
by averaging the points in the sample transverse direction (TD) and given
95% confidence intervals.

2.4 Microstructural characterisation

A transverse direction (TD) section of the top 24 mm of the wall was extracted
for microstructural characterisation, representing the last ~20 layers deposited.
Metallographic preparation of the sample was carried out using the procedure
outlined by Voort [30] and etched with Kroll’s reagent. Optical microscopy was
performed using a Zeiss Axio Imager 2, with automated stage scanning to
produce a large-scale, high-resolution, stitched macrograph.

Scanning electron microscopy (SEM) imaging and EBSD orientation maps
were obtained on unetched, polished samples using a TESCAN Mira3 field emis-
sion gun (FEG) SEM, equipped with an Oxford Instruments’ Symmetry EBSD
detector and AZtec acquisition software, with an accelerating voltage and
beam current of 20 kV and 48 nA, respectively, and a 10 pm step size. EBSD
data was processed using Oxford Instruments’ AZtecCrystal software and
maps are displayed throughout with inverse pole figure (IPF) colouring (refer-
ence direction BD), with low (>5°) and high angle grain boundaries (>15°) high-
lighted in white and black, respectively. Contoured pole figures were also
produced and scaled in multiples of random density (MRD).

For the higher resolution TKD analysis, a 3 mm diameter sample was
punched from a ~110 pm foil and electropolished at a voltage of 17 V in a
5% perchloric acid and methanol electrolyte at —40°C. TKD was carried out
on an FEI Magellan 400L FEG-SEM, using an accelerating voltage of 30 kV,
with the sample tilted to a 20° angle away from horizontal, at a working distance
of 2 mm.

A JEOL JXA-8530F FEG-EPMA was used to map the chemical segregation
throughout the WAAM build. EPMA uses wavelength dispersive spectrometry
(WDS), which has a higher X-ray spectrum resolution than conventional
energy dispersive spectrometry (EDS) (~5 eV compared to ~129 eV, respect-
ively), and so WDS can resolve the X-ray emission peak overlaps between Ti,
V, and Cr [31]. Large-area multifield maps were obtained using an accelerating
voltage of 15 kV, a current of 100 nA, and a 1 and 5 pm step size was used for
the small and large-area maps, respectively. The wavelength dispersive spec-
trometers were equipped with TAP (Al Ka emission), PETL (Mo La), and
LIFL (Fe Ka, Cr Ka, and V Kp) diffraction crystal. Probe for EPMA software
was used to quantify elemental maps, with pure elements used for standardis-
ation, Ti determined by difference, and background subtraction via the mean
atomic number method [32].
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Figure 3. Typical strain-stress curves measured in the deposition (DD) and building direction
(BD) orientations.

3. Results
3.1 Overview

Representative tensile test results from the Ti-5553 WAAM samples, machined
from the steady-state region of the deposit, are shown in Figure 3. Average
values for the coupons tested in each orientation (BD and WD) are also sum-
marised in Table 1, along with other results reported in the literature for AM
processes and a baseline comparison to conventional wrought products. The
as-built proof stresses of the test samples were in the range of 1040-1070
MPa, which is comparable to the lower end of that reported for fully heat
treated wrought Ti-5553 materials when in a standard solution-treated and
aged condition [2]. However, the as-deposited proof stresses of the WAAM
samples surpassed those reported for Ti-5553 AM builds produced by laser-
based processes by ~30%, while still maintaining comparable elongation to
failure (see Table 1). At 21%, the average elongation to failure in the build direc-
tion of the Ti-5553 WAAM samples was also high for this strength level, but it

Table 1. Summary of the tensile test results for coupons extracted parallel to the build (BD) and
deposition direction (DD). PS: 0.2% proof strength; and UTS: ultimate tensile strength. Tensile
properties of various Ti-5553 AM deposits (both powder bed and DED) and wrought forged
components are included for comparison.

WAAM PS (MPa) UTS (MPa) Elongation (%) Reference
Build direction (BD) 1048.1£11.4 1064.9 £ 10.4 21.0£14 This work
Deposition direction (DD) 1036.4+13.7 1094 £ 1.0 83+3.2 This work
Published Laser- AM processes

As deposited 755-800 769-800 9-18 [15,17]
Aged 600°C 925-1375 1112-1375 2-14 [4, 15, 27, 33]
Aged 700-750°C 1050 1050-1075 9-19 [15, 28]
Aged 800-850°C 900-975 900-975 16-20 [27, 33]

Wrought (inc. ST & aged) 1090-1300 1145-1386 5-16 [2,3]
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was 2.5 times lower in DD (~8%). In addition, in BD, the stress—strain curves
showed limited strain hardening and the elongation mainly occurred in a
diffuse neck; whereas in DD, strain hardening was evident, but the samples
failed abruptly without significant necking.

Given that Ti-5553 is conventionally solution heat-treated and aged to
obtain its optimum mechanical properties, the thermal history of the Ti-5553
WAAM test builds were recorded to better understand the conditions that
gave rise to a precipitation during deposition. The thermal history recorded
during deposition, measured by the harpoon method, is presented in Figure
4. This starts from the point where the type R thermocouple was inserted
into the melt pool and shows the thermal cycles caused by subsequent depo-
sition of 15 added layers. It can be seen that the peak temperature recorded
of ~1450°C, when the thermocouple was first inserted, is near the maximum
detectable temperature of a type R thermocouple, so the first temperature
peak in the melt pool was not correctly recorded. During the subsequent
heating cycles, where the thermocouple was embedded in the solid material,
the peak temperature decreased in each cycle, passed through the P transus
after 9 layers (~850°C [34, 35]), then fell to ~650°C by the addition of layer
15. The build-up in the minimum temperature can also be noted in Figure 4
as more layers were added.

An overview optical macrograph of the Ti-5553 WAAM build, cross sec-
tioned in the BD-TD plane, is shown in Figure 5 to demonstrate the impact
of this cyclic thermal history on the microstructure. This figure shows the
upper 24 layers deposited in the sample and the microstructure evolution
throughout, from solidification of the last (top) layer through the subsequent
thermal cycles experienced by previously deposited layers as new layers were
added, until the temperature fell sufficiently such that no further changes
occurred. The dark curved lines labelled in the lighter etched top section
are caused by a thin fusion boundary segregation band [22] and can be
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Figure 4. Measured thermal history during WAAM deposition.
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Figure 5. Overview optical macrograph of the etched Ti-5553 sample in a transverse (BD-TD)
cross section, showing the areas examined in Figures 6-9.
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used to identify each individual layer. Interdendritic microsegregation and
the coarse, columnar  grains are also more apparent in the top, lighter
etched, part of the sample, with the microsegregation most apparent near
the top surface. The analysis presented hereafter focuses on this top region
of the as-built sample where the final microstructure evolves and the
regions relating to the higher resolution figures shown below are indicated
in Figure 5. Figure 5 also shows a strong etching contrast change between
the top and bottom regions of the build, separated by a heterogeneous tran-
sition region, which occurred due to precipitation of the a phase. By corre-
lation between the thermal history and the optical image layers, it can be
seen that the a phase only starts to precipitate in cycle 12 when the peak
temperature at the thermocouple position was <700°C, but it should be
noted that the peak temperature gradient within a single deposited layer
during reheating is significant. This confirms that the a phase precipitates
predominantly during subsequent reheating high in the sub-transus region,
rather than during cooling in the last cycle from above the B transus
(layer 9); i.e. because the B phase is more stable than in alloys like Ti-64,
and Ti-5553 is not particularly quench sensitive, it does not transform on
cooling through the B transus.

Higher magnification optical micrographs of the B-annealed top layers, the
transition region where the a begins to nucleate, and the microstructure in
the bottom steady-state section are presented in Figure 6, to show the
different regions of a precipitation in more detail. In the dark etched
region at the bottom of the sample (Figure 6(f)), although the a precipitates
are too fine to be resolved by optical microscopy, the micrograph appears
homogeneous. In contrast, a, as evidenced by regions of darker contrast, is
seen to first develop heterogeneously within the transition region, with the
images suggesting a preference for earlier a precipitation at the P-grain
boundaries (Figure 6(b-c)) as well as within the interdendritic regions
(Figure 6(d)).

3.2 Solidification microstructure

EBSD and EPMA maps were used to reveal the nature of the primary p-grain
structure and the extent of microsegregation that developed during solidifica-
tion. A p-phase EBSD orientation map of the upper section of the sample is
shown in Figure 7(a) where it is evident that the core of the deposited wall con-
tained coarse, columnar P grains that are strongly textured. The grains have
strong alignment of their (001)g directions nearly parallel to BD and TD;
such that they exhibit an intense {001}3(001); cube texture (Figure 7(b)).
The grains that do exist within the sample interior are also mainly separated
by low angle grain boundaries (white lines) of misorientations <15°- i.e. the
core of the deposit can be thought of as being close to a {001}3(001)gcube
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Figure 6. Higher magnification optical images showing the evolution of the microstructure
across the transition zone between the top metastable-p region and dark etched bottom
section with a precipitation seen in Fig. 5. The left micrograph indicates the image locations
(area indicated in Fig. 5) shown in (a) - (f).

orientated single -Ti crystal, containing subgrains with a small spread of orien-
tations around BD. However, the wall’s outer surface layer exhibited a skin of
differently orientated smaller columnar grains [18], and their microtexture can
be seen in Figure 7(d). These grains appear to have reorientated to grow closer
to normal to the solidification front where they experience a severe curvature
towards the build edges, which can be seen from the profile of the fusion
boundary segregation bands in Figure 5. These smaller surface grains are also
elongated and tend to have their (001)4 directions aligned closer to ~45° to
BD. A few small, equiaxed grains with non-{001}4(001)z orientations can
further be seen within the wall’s coarse and columnar core grain structure.
These grains did not grow greatly after formation and were engulfed by the
dominant {001}3(001); orientated columnar B grains during solidification.
An example of one of these grain’s associated orientations can be found in
Figure 7(c).

The extent of solute segregation during solidification can be seen in the
EPMA composition map obtained from the upper-sample section in
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Figure 7. The B-grain structure and texture formed on solidification: (a) EBSD inverse pole
figure orientation map; and pole figures show (b) the columnar grain cube texture in the
core, () an isolated non-cube grain orientation in the core of the deposit, and (d) the micro-
texture of the surface skin layer of smaller grains.

Figure 8. A 5 um step size was used in the overview map in Figure 8(a), and
a higher resolution 1 pum step size map (Figure 8(b)) was acquired from the
last layer deposited to better resolve the interdendritic segregation. The
strongest interdentritic microsegregation evident in Figure 8(a-b) is for Cr
and Fe, which have partition coefficients of k=0.81 and 0.38-0.79, respect-
ively [8, 10, 11]. Strong inverse segregation to the dendrite cores is also
noted for Mo (k =2.0) [9, 36]. In comparison, Al and V have partition coefhi-
cients close to unity [10, 11, 37] and are relatively neutral in terms of their
microsegregation; although there is evidence of slight inverse segregation of
Al In Figure 8(a), Cr and Fe can also be seen to have segregated away from
the thin horizontal fusion boundary lines (Figure 8(a)) that are observed in
the etched optical macrograph in Figure 5 and are enriched in Mo.

3.3 Transformation microstructure

Higher magnification SEM images of the transition region, and the fully devel-
oped transformation microstructure found below layer 15, are shown in Figure
9. At this magnification, the coarser a-phase precipitation can be resolved and
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Figure 8. Microsegregation in the Ti-5553 deposit revealed by EPMA compositional maps: (a)
large step size overviews; (b) higher magnification of the last deposited layer.
Note: (a) shows photon count maps where (b) shows quantified elements in wt.%.

there is a gradual increase in the volume fraction of o laths down the wall
through the transition region (Figure 9(a-b)), until precipitation stagnates
and the microstructure stabilises as the temperature and supersaturation falls
with depth. It can be seen that the stable bulk ‘as-deposited’” microstructure
contains a high volume fraction of ~50-150 nm-thick a laths that are relatively
homogeneously distributed in the 3-phase matrix (Figure 9(c)). However, when
a first precipitates, it is heterogeneously distributed in clusters with finer laths
than those developing in the matrix as the material experiences further lower
peak temperature heating cycles.

TKD using an electron transparent foil was employed to index the o precipi-
tates, which were too small to be characterised by conventional EBSD. The TKD
orientation map acquired for the fully transformed ‘as-deposited’ microstruc-
ture region is shown in Fig. 10, along with the a and p-phase map and the
phase pole figures. In this map area the p-phase matrix consisted of a single
(001)z // BD orientation grain. The a laths did not index well in some areas
(coloured black), which is partly a consequence of lattice distortion in the
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Figure 9. Backscatter electron SEM micrographs moving down through the transition region as
the a volume fraction increases: (a) (b) (c) taken at the marked locations in Fig. 5.

foil caused by relief of the stress induced by the p — o phase transformation. If
these unindexed points are assumed to also represent the a phase (which is
likely given the location and morphology of the unindexed areas), its area frac-
tion was determined to be ~44%. In the accompanying pole figures, the o laths
can be observed to have adopted all 12 orientations possible via the Burgers
orientation relationship, which causes a significant dilution of the a texture
relative to that of the B phase, and is approximately representative of the
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Figure 10. TKD maps of the fully developed ‘as-deposited’ a precipitate microstructure: (a)
inverse pole figure crystal orientations, (b) phase distributions (red = a phase and green =
phase), and (c) and (d) pole figures for the a and B phase. Black pixels are unindexed points.

near single B Ti crystal bulk. However, in Fig. 10b - in the (0001),, pole figure in
particular — some variant selection can also be inferred from the observation
that some [0001], poles having stronger intensities than others. However,
without sampling multiple B grains, the effect this has on the overall bulk a
texture cannot be commented upon.

4, Discussion
4.1 Mechanical performance

Following deposition of the Ti-5553 alloy by the WAAM process using ‘stan-
dard’ build conditions, a higher proof strength was obtained compared to
that reported for other as-deposited AM samples produced by higher power
density processes, like laser DED and powder bed [15, 17]. The as-deposited
material also had strength levels comparable with the lower end of the range
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possible for fully heat-treated Ti-5553 forged products [2]. Overall, this indi-
cates that WAAM deposition naturally produced an a-precipitate microstruc-
ture in the ‘as-deposited’ state that was more similar to that found in a
conventional fully heat-treated wrought component than reported for other
AM processes. This high level of a precipitation generated during deposition
occurred in response to the thermal cycling induced by the translated heat
source, even though no attempt was made to optimise the deposition par-
ameters to control the a microstructure, as would be normally required with
a conventional wrought product.

The WAAM samples also displayed little yield stress anisotropy when
measured in the orthogonal build (BD) and deposition directions (DD,
Figure 3), despite the material’s strong texture (Figures 7 and 10) [38-40].
However, the Ti-5553 WAAM test build solidified with a very strong
{001}5(001) 4 cube texture (Figures 7 and 10), where two B directions are
aligned parallel to both BD and DD. In addition, the a transformation micro-
structure formed with all 12 possible orientations determined by the BOR
(Figure 10), which would lead to a similar Taylor factor in each loading direc-
tion [41]; so, if only the effect of texture is considered, both the BD and DD
tensile test directions will be similar due to cube symmetry. The tensile tests
did, however, display significant anisotropy in their elongation (as have other
Ti-5553 AM samples [15]) where the build direction exhibited less than half
the ductility of the DD samples. Anisotropy in tensile ductility is regularly
reported for Ti-64 WAAM components [38-40], and has been attributed to a
heterogeneous distribution of ‘hard’ and ‘soft’ microtexture regions present
in the a transformation microstructure, associated with the coarse, columnar
parent P-grain structure, which causes severe shear concentration at the -
grain boundaries during transverse loading [42]. The fracture behaviour of
the current Ti-5553 WAAM samples was not investigated, but given the prefer-
ential nucleation of a on the B-grain boundaries (e.g. Figure 6(b-c)), and the
presence of large, columnar P-grains present in the tensile test samples
(Figure 7), the low elongation to failure in DD is similarly probably a conse-
quence of shear concentration in the region of the aligned columnar B-grain
boundaries.

4.2 Solidification microstructure

Coarse and columnar [-grain structures that exhibit strong (001) fibre tex-
tures are commonly observed in titanium alloys produced by WAAM, particu-
larly in Ti-64 components [18, 42-44]. This grain structure is a consequence of
the positive thermal gradient in the liquid at a solidification front in a heated
melt pool, combined with both a lack of nucleation sites in the melt pool and
low solute partitioning, which during solidification leads to low constitutional
supercooling. The primary B-phase solidification behaviour is consequently
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Figure 11. Microsegregation across a dendrite: (a) predicted by JMatPro Scheil solidification
calculations for Ti-5553 compared to (b) smoothed EPMA line scan data in TD from the
region highlighted in Fig. 8b, averaged in BD, across two dendrite cores in the top of the Ti-
5553 WAAM wall. The molybdenum equivalence (Mo-eq) has also been calculated from the
Scheil solidification data and added to (a) to show the variance in B-phase stability.

dominated by epitaxial growth from the fusion boundary without significant
nucleation ahead of the solidification front [45-47]. As Ti-5553 contains alloy-
ing elements that produce greater solute partitioning during solidification than
Ti-64 (Mo, k=2.0; Cr, k=0.81; Fe, k=0.38-0.79 [8-11, 36]), the coarse and
columnar solidification structure seen in Figures 5 and 7 was not a foregone
conclusion. Schiel-Gulliver solidification calculations produced with the
JMatPro thermodynamic modelling software [48] in Figure 11(a) also highlight
the microsegregation trends in Ti-5553. This plot shows the predicted segre-
gation of Cr and Fe and the inverse segregation of Mo across a dendrite,
which will result in local variation in the f-phase stability across the solidified
microstructure. In addition, an EPMA line scan across two prior dendrite cores
from near the top of the Ti-5553 wall has been included in Figure 11(b) (the line
scan area is indicated in Figure 8(b)). In general, the trends match the model-
ling results; i.e. Mo partitioning is observed towards the dendrite cores and Cr
and Fe to the interdendritic regions, with minimal segregation of Al and V to
the core and dendrite boundaries, respectively..

The EPMA maps further confirmed the presence of a solute segregation
band at the fusion boundary for each melt track (Figure 8(a)), which were
identified in the optical macrographs in Figure 5 from the etching contrast.
These fusion boundary etch lines have previously been attributed to the
transient partitioning of solute that develops due to the melting back and
acceleration of the solidification front that occurs at the edge of the melt
pool as the heat source is translated [22]. This results in fusion-boundary
bands rich in Mo, but lean in Cr and Fe, which can be conveniently used
to identify the convex melt pool depth profile seen in the BD-TD sections
in Figure 5.

Even though more significant solute segregation was found in the Ti-5553
WAAM samples compared to in Ti-64 [22], the -grain structure still exhibited
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coarse, columnar grains (Fig. 7) as well as a strong (001)gtexture. The
additional constitutional cooling possible in Ti-5553 due to its different alloy
constitution was therefore still insufficient to promote nucleation ahead of
the solidification front, with the standard WAAM process conditions
employed. Nevertheless, the presence of a surface skin of finer grains (Figure
7), which is not normally seen with a Ti-64 alloy using the same processing par-
ameters (e.g. [18]), is indicative of a higher degree of constitutional supercool-
ing with Ti-5553. This change in surface grain structure requires further
investigation, but is related to the curvature of the solidification front seen in
the transverse sections that would require dendrites with a (001)z // BD orien-
tated grain to grow at ~45° to BD to follow the thermal gradient close to the
wall surfaces (Figure 5). Greater solute partitioning resulting in a wider
mushy zone (semisolid region) would thus give more opportunity for dendrites
to reorientate closer to their preferred crystallographic growth direction, with
respect to the solidification front, by dendrite fragmentation or other mechan-
isms [49]. Some small discrete equiaxed P grains were also observed to be
present in the core of the wall that were engulfed by the more favourably
(001)z // BD orientated columnar grains (Figure 7). These findings thus
show greater potential for the Ti-5553 alloy, compared to Ti-64, for forming
a more equiaxed grain structure by modifying the thermal conditions in the
WAAM deposition process (for example, by increasing the wire feed speed
to lower the G/R ratio [50]).

4.3 a-Phase precipitation

During conventional solution heat treatment of Ti-5553, cooling rates from
above the [ transus faster than 0.1°C/s prevent precipitation of the a phase
[34]. The subsequent decomposition of the metastable-} phase during sub-
transus ageing treatments is complex and can occur through multiple pathways,
which include the formation of the athermal w phase by a diffusionless trans-
formation, spinodal decomposition, and the development of ordered and dis-
ordered forms of O’ and O” [6, 7, 51-53], all of which are transition states
that can affect the subsequent nucleation of the a phase during aging heat treat-
ments. The solvus temperatures of these metastable precursor phases are rela-
tively low (<400°C) and to form they generally require far longer heat
treatments and lower heating rates than are experienced during a typical
WAAM thermal history. However, more recent publications have also
claimed, based on evidence from step-quenching experiments, that a pseudo-
spinodal mechanism may allow the a phase to nucleate directly from f, at
higher temperatures during short isothermal aging times (<15 minutes), in
the temperature range of 600-700°C [6], which coincide with the nose of the
a time-temperature-transformation curve [34]. This proposed mechanism
has been reported to generate both a high density and homogeneous
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Figure 12. Microhardness distribution of the upper Ti-5553 WAAM sample section, showing: (a)
a hardness map superimposed on an optical image and (b) a hardness-line profile produced
from the hardness map using values averaged across 13 measurements in TD.

distribution of a-lath precipitates, without the requirement for heterogeneous
nucleation sites, such as dislocations or metastable precursor precipitates like
the w phase [6, 51].

In the WAAM process, after solidification, a dynamic local volume of material
is reheated multiple times with a diminishing peak temperature rise as the heat
source travels across the surface when each new layer is added (Figure 4). For
the experimental conditions used in this work, the measured cooling rate
during the first WAAM heating cycle was around 60°C/s (Figure 4), higher
than that required to prevent a formation during cooling in Ti-5553 [34, 54].
The regions of the build that are reheated in excess of the p transus temperature,
but are located high enough in the build that they are not further reheated below
the P transus, would, therefore, be expected to remain as a metastable-{3 phase on
cooling to room temperature. Consequently, no a precipitates were observed in
the top 9 layers of the build. This behaviour would then persist to a depth where
the peak temperature reached on reheating, caused by the thermal field of the
translated heat source, became lower than the (-transus temperature, but
where the temperature rise was still sufficient for the a transformation kinetics
to allow precipitation in a short enough time; i.e. the accumulative time spent
above 600°C in cycles 9-11 is typically less than 100 s (Figure 4).

This precipitation evolution throughout the build can be tracked using Vickers
hardness mapping, and a map of the top 24 layers of the build and a line profile
across them have been provided in Figure 12. In the top f-annealed section of the
wall, where there is no a precipitation, the hardness is at a minimum of ~320 HV
(0-14 mm below the top surface of the build, Figure 12(b)). As the a begins to
precipitate in the transition region (~14-20 mm in Figure 12(b)), the hardness
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begins to increase, until reaching an average peak hardness of ~500 HV in the
dark-etched lower section of the build (>22 mm), which is representative of
the bulk. When compared to other Ti-5553 deposits in the literature, the
WAAM bulk ‘as-deposited” hardness is higher than other as-deposited AM
builds and their aged counterparts (e.g. [4, 27]). This provides further credence
that the WAAM thermal history intrinsically produces highly efficient a precipi-
tation that results in a high density of fine a laths.

From the ‘harpoon’ thermal measurements, it can be seen that the homogen-
ised alloy’s P transus temperature of 850 °C would be expected to equate to about
the top 8-9 layers, although the transition region where the hardness started to
increase (Figure 12) and a precipitation was first seen occurred below approxi-
mately layer 12, where the measured peak temperature rise had fallen to <700°
C (or ~150°C below the P transus). By the ~15th layer, where the a-lath
volume fraction stabilised (Figure 9), and the hardness then reached a
maximum level (Figure 12), the peak temperature was measured to have
dropped further to ~650°C. However, it should be noted that the harpoon
method only measures the temperature history at a single location, and due to
the thermal gradient under the heat source, it is not possible to extract the
exact temperature rise at which a precipitation initiates. In addition, the microse-
gregation noted above will affect the stability of the  phase and the local transus
temperature. The main a-phase stabilising element Al (k = ~1 [11, 37]) marginally
segregated inversely (Figure 8(b)), in a similar direction to Mo; however, the
amount of segregation was minimal compared to Mo [8, 9], which is a strong
B-phase stabilising element in Ti [1, 3]. The other B-stabilising elements, Cr
and Fe, became concentrated in the interdendritic regions [10, 11]. An approxi-
mate calculation from the solidification simulation data in Figure 11(a), using the
Mo-equivalence index (Mo-eq) in ref. [1], shows the overall effect this would have
on the relative change in p-phase stability. The Mo-eq can be seen to gradually
increase towards 0.7 fraction solid, but then rapidly increases in the final 10%
of solidification, following the trends of Cr and Fe segregation towards the inter-
dendritic regions. However, this simulation represents the maximum possible
influence of segregation on the parent B-phase stability, as back diffusion and
repeated reheating above the  transus will tend to reduce solute gradients after
solidification. For example, there is some evidence of the Fe distribution, which
has a high diftusivity in  [3], homogenising with depth in the build.

As a consequence of the solute segregation pattern after solidification, after the
12th heating cycle, a can be seen in the optical micrograph of the Ti-5553
WAAM deposit shown in Figure 6 to begin to first nucleate heterogeneously
within the p grains and at the P-grain boundaries (Figure 6(b-c)), which are
sites favoured for a nucleation at low undercoolings [55, 56]. Earlier nucleation
of coarser a laths was also seen within the p grains (Figure 6(d)) with a distri-
bution similar to the dendritic segregation pattern that occurred during solidifi-
cation. In the following heating cycles, as the peak temperature falls and the
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undercooling increases, precipitation of finer a laths can be seen to expand within
the remaining B matrix until after the 15th heating cycle, where the microstruc-
ture had been reheated multiple times and the peak temperature had dropped to
~650°C, and they cover entire B grains. This suggests that these finer homoge-
neously distributed laths are nucleated during a heating cycle that hits a
narrow range corresponding to the ‘nose’ of the nucleation curve, which is
known to lie between 600-800°C [34]. However, the fact that they precipitate
within such a short accumulative time at temperature and with a very rapid
heating rate suggests their nucleation pathway is consistent with the pseudo-spi-
nodal mechanism proposed by Nag et al. [6, 57], whereby a fine-scale microstruc-
ture can be produced in a short time without any apparent prior heterogeneous
nucleation sites in the p matrix. However, an independent study utilising con-
trolled rapid heating experiments, with comparison to the results in refs. [6,
57], would be required to verify this precipitation sequence.

Opverall, the finer and homogeneously distributed o laths seen within the less
B-stabilised regions form the majority of the final transformation microstructure
(e.g. Figure 10) and are similar to those found in a classically solution treated and
aged Ti-5553 microstructure [3, 4, 33, 58, 59]. Their high coverage of the parent 3
grains, combined with the high volume fraction estimated for the a-phase pre-
cipitates from Figure 10, is consistent with the comparable proof stress levels
measured in the tensile tests. However, fortunately, for Ti-5553 WAAM com-
ponents, due to their low quench sensitivity, it would also be viable to conduct
post-build B-solutionising and conventional aging heat treatments to precipitate
a tailored a microstructure even more homogeneously, throughout an entire
part, to optimise the mechanical properties for a target application [2, 15, 27, 33].

5. Conclusions

The microstructural evolution during WAAM processing of the near-p alloy
Ti-5553 has been investigated for the first time. Correlation to the solidification
microstructure that creates the parent metastable  phase prior to the precipi-
tation of a, and the complex cyclic temperature history in the WAAM process,
has revealed the following main conclusions:

¢ The tensile strength of the ‘as-deposited’ WAAM Ti-5553 build was superior
to that reported for other higher energy density AM processes, due to the
high density of a precipitation produced by cyclical heating when using a
more diffuse plasma-arc heat source.

e [-phase EBSD orientation maps showed that, with the deposition conditions
investigated, the WAAM Ti-5553 build developed a coarse and columnar f3-
grain structure, with a strong {001} 5(001) 5 texture, which resulted in aniso-
tropic elongation during tensile testing.
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o The greater solute partitioning seen in the Ti-5553 alloy, compared to in Ti-64,
was still not able to promote an equiaxed -grain structure in the bulk of the
sample under standard WAAM conditions. However, it was found that,
where the curvature of the solidification front caused a large deviation from
the preferred (001); dendrite growth direction, the wider mushy zone was
sufficient to cause a skin layer of smaller new grains to develop at the surfaces
of the build with a growth direction tilted away from the build-height direction.

e EPMA chemical maps revealed that significant solute microsegregation
occurred during solidification, with Mo and Al partitioning to the dendrite
cores, and Cr, V, and Fe to the dendrite boundaries. Repeated thermal
cycling during deposition did not remove this solute segregation completely.

¢ Due to the low quench sensitivity of Ti-5553, a precipitation did not occur
on cooling through the B transus, but a high density of a laths were found
to start to precipitate during reheating in subsequent thermal cycles when
the peak temperature fell below ~700°C. This initiated heterogeneously
with a precipitating first in interdendritic regions and at f-grain boundaries,
where the lower local Mo concentration reduced the stability of the parent
solid solution. A high density of finer laths was then observed to form uni-
formly within the remaining matrix as the peak temperature reduced, and
precipitation was complete when the peak temperature in subsequent reheat-
ing cycles fell below 600°C. The relatively short time available for nucleation
and homogeneous distribution of the precipitates suggests this may have
occurred by the ‘pseudo-spinodal’ mechanism proposed in refs. [6, 57].

e The high density of a precipitation during the WAAM process produced a
material strength comparable to the lower end of the range reported for
fully heat-treated wrought Ti-5553 products. However, it should be empha-
sised that controlled post-build heat treatments can also be readily applied to
WAAM deposits to similarly optimise their properties.
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