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ABSTRACT: A molecular-level understanding of the strain response of
elastomers is a key to connect microscopic dynamics to macroscopic
properties. In this study we investigate the local strain response of vulcanized,
natural rubber systems and the effect of nanometer-sized filler particles, which
are known to lead to highly improved mechanical properties. A multiple-
quantum NMR approach enables the separation of relatively low fractions of
network defects and allows to quantitatively and selectively study the local
deformation distribution in the strained networks matrix on the microscopic
(molecular) scale. We find that the presence of nondeformable filler particles
induces an enhanced local deformation of the matrix (commonly referred to as
overstrain), a slightly increased local stress/strain heterogeneity, and a reduced
anisotropy. Furthermore, a careful analysis of the small nonelastic defect
fraction provides new evidence that previous NMR and scattering results of
strained defect-rich elastomers cannot be interpreted without explicitly taking the nonelastic defect fraction into account.

I. INTRODUCTION

The understanding of the relationship between the mechanical
behavior of elastomeric materials and the molecular, cross-
linked, and topologically complex structure of their constituent
polymer chains requires specific models predicting the loss in
conformational entropy on deformation. Scattering methods, in
particular neutron scattering with its potential to characterize
the conformation of individually labeled probe chains, have
proven useful to reveal strongly subaffine local deformations.1−5

These stand in strong contrast to predictions of the classical
affine network model, and alternative approaches based upon,
e.g., the phantom model, have been shown to provide a better
match.1,6

The analysis of scattering data is straightforward only in the
case of networks made of labeled end-linked chains, while
multiple statistically cross-linked (vulcanized) long chains have
an overall complex deformation behavior, as affinity must
ultimately be restored on large scales.7 Unfortunately, end-
linked networks tend to have rather large fractions of nonelastic
defects of 20% or more (such as dangling chain ends, short
loops, sol), as shown in experiments8 and simulations.9 A
separation of these defects is difficult for scattering data, but
rather straightforward with appropriate NMR methods,10 and
allows us to focus on the response of the elastically active
network only.

Filled elastomers are an even bigger challenge for molecular-
level studies of chain deformation by scattering methods and
are the main focus of our work, using NMR as an alternative
method. Filled rubbers exhibit substantially enhanced mechan-
ical properties over their unfilled counterparts, which are due to
a network formed by the filler particles, as well as the modified
deformation behavior of the elastomer matrix and its
constituent chains. The latter is commonly referred to as
overstrain,11 since the matrix surrounding undeformable filler
particles must be deformed correspondingly more. This
phenomenon is here studied for the first time in application-
relevant rubber samples. For a homogeneous matrix filled with
polydisperse hard spheres, the so-called hydrodynamic
amplification factor A, defined as a ratio of the stress (or
modulus) for a filled system to the stress for an unfilled system,
reads12,13
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where ϕeff describes the effective filler volume fraction of the
filled elastomer and λmac/loc is the average macroscopic/local
deformation of the network matrix. Equation 1 has commonly
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been assumed to also hold for the local strain as shown by the
last ratio in the equation, but very recent work has
demonstrated this to be incorrect.14 With the correct
amplification factor of the strain tensor a = 1/(1 − ϕeff),

15,16

the average local uniaxial deformation follows17
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A successful molecular-level proof of the existence of
overstrain could so far only be provided by neutron scattering
of a model system made of mobile rubber chains suspended
between phase-separated spherical high-Tg domains in a
triblock copolymer, where the scattering of the spherical
“fillers” can be matched away by suitable labeling.18 Similar
studies trying to detect overstrain in more realistic filled
elastomers have so far failed,13 which could well be due to the
difficulties related to the necessity to match the large scattering
of inorganic, inhomogeneously distributed fillers. A more
indirect yet still rather local approach is the study of local
deformation by monitoring the displacements of the nano-
metric filler particles by atomic force microscopy,19 which has
evidenced overstrain following eq 1, yet molecular-level proof is
still missing.
We use solid-state NMR spectroscopy to characterize local

deformation distributions in stretched natural rubber systems
through segmental orientation correlations. In particular, we
analyze local inhomogeneities of local stretching in unfilled and
filled samples and show clear evidence of overstrain in filled
samples as compared to unfilled ones. Earlier, related work was
almost exclusively restricted to the study of spectral splittings in
deuteron (2H) spectra of specifically labeled (and mostly
unfilled) samples.20−28 Such splittings only arise in stretched
samples, where they reflect the local orientation and the relative
degree of stretching. It has been argued that the splittings
mainly arise from the nonelastic defect fraction,29 which is
supported by the fact that similar splittings are also observed for
low molar mass probe chains.22

Besides providing a means to separate contributions from
network defects, 1H multiple-quantum (MQ) NMR provides a
quantitative measurement of local segmental orientation
correlations through the interproton residual dipole−dipole
coupling constants Dres obtained from normalized double-

quantum (DQ) build-up curves. These are conventiently
measured on low-field instruments using the mentioned MQ
NMR technique following previously published proce-
dures.10,30,31 The parameter Dres is directly related to a
segmental orientation order parameter Sb:

30

=D D Sres eff b (4)

where Deff is the effective dipolar interaction constant
representative of a statistical (Kuhn) segment; i.e., it comprises
the preaveraging due to fast intrasegmental motions. In the
unstretched state, Sb reflects the local density of active
constraints (cross-links plus entanglements) or, equivalently,
the inverse average number of segments N of the elastically
active subchains in relation to their end-to-end distance R:30
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Here, R0
2 = Nb2 is the average equilibrium end-to-end distance

with b as the segmental size. Equation 5 shows that Sb is
proportional to the squared force, F2, acting on the ends of
these subchains32 and hence serves as a microscopic
(molecular) probe of strain and stress, which are proportional
to each other on the local scale (in fact, they need to be in
order to satisfy a constitutive relation). Importantly, with MQ
NMR a possible distribution of Sb ∝ Dres can be analyzed in
inhomogeneous samples.
The elastically effective local chain unit characterized by R

and N can also be referred to as the “NMR submolecule” and
defines the spatial resolution: it favorably reflects the shortest
distance between combined cross-link and entanglement (tube)
constraints to the anisotropic orientation fluctuations of its
constituent segments. For example, natural rubber networks of
an average molecular weight between cross-links of 1200 g/mol
have an average end-to-end distance (R0) of approximately 2.7
nm, assuming the molecular weight of a Kuhn segment to be
identical to that of 1,4-polyisoprene.33 Inhomogeneities are
thus only detected if they arise on a length scale beyond a few
(sub)network chains, for example, in spatial variations in cross-
link density on a larger scale34 or in swollen networks.35

In this way, and in contrast to earlier NMR work that was
merely focused on splittings in 2H spectra that only arise in
stretched samples, the MQ NMR study of stretched samples

(R2 ≠ R0
2), and the direct comparison with the unstretched

counterparts enables the determination of the local degree of
stretching between closest active constraints, i.e., cross-links or
entanglements:

Figure 1. (A) TEM micrograph of a NR sample of series A (NR3A-S50-T) reinforced with 18.25 vol % of silica particles (Z1165 MP) treated with
TESPT. The investigated samples are about 100 nm thick. (B) A representive SEM micrograph of a freeze-fractured NR sample of series B (40 phr
of silica) demonstrates a poorer dispersion state of silica particles. The scale bars correspond to 500 nm.
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Complex, potentially inhomogeneous local deformation
patterns can be revealed by the mentioned assessment of the
Dres distribution. Note that λloc,chain is expected to be lower than
λloc and λmac in eqs 1−3 due to locally subaffine deformation.
This must be considered in the assessment of a potential
overstrain of the rubber matrix, for which the measured λloc,chain
of unfilled and filled samples are thus compared.

II. EXPERIMENTAL SECTION
Sample Preparation and Characterization. The polymer

samples investigated in this work are natural cis-1,4 polyisoprene
(natural rubber, NR). The samples from series A (NR3A and NR2A)
consist of NR, specifically Standard Malaysian Rubber SMR5L. NR3A
is identical to the sample 3a of ref 36. NR2A-S50-T and NR2A-S50-O
were reinforced with 50 phr (phr denotes g per 100 g of rubber) of
precipitated silica (Z1165 MP, Solvay), the volume fraction being
18.25%. Z1165 MP is a highly dispersible precipitated silica with
average aggregate size of 50 nm and specific surface 160 m2/g (which
corresponds to primary particle radius of the order of 10 nm). Silica is
dispersed down to aggregate size as characterize by SAXS and TEM. A
representative TEM picture is shown in Figure 1A. The silica surface
was modified with a covering agent, n-octyltriethoxysilane (OCTEO,
4.1 phr), or a covalent coupling agent, bis(triethoxysilylpropyl)-
tetrasulfane (TESPT, 4 phr), denoted as “-O” or “-T” in the sample
names, respectively. Sulfur-vulcanized samples were obtained by a
standard mixing/curing procedure where, first of all, rubber,
vulcanization activators (4 phr of ZnO and 2 phr of stearic acid)
and an antioxidant (1.9 phr of 6PPD) were blended in an internal
mixer. Then, 1.5 phr of sulfur (vulcanizer), 2 phr of N-cyclohexyl-2-
benzothiazolesulfenamide (CBS), and 0.2 phr of tetrabenzylthiuram
disulfide (TBzTD) (accelerators) were added using an open roll mill
at low temperature to avoid early cross-linking reaction. The curing
times were determined by rheology curves measured by a Monsanto
R100S oscillating disk rheometer. The uncured rubber films were
vulcanized under pressure at 150 °C in a 2 mm thick plate mold.
The samples of series B (NR1B, NR2B, and NR3B) were made of

NR from Standard Malaysian Rubber, SMRCV60. NR1B and NR3B
are identical to the samples C-2 and C-5 of ref 37. NR2B-S20-T and
NR2B-S50-T further contain 20 and 50 phr, respectively, of
precipitated silica (Silica Ebrosil HA, Iquesil) modified with TESPT.
Previous to the surface modification, silica particles were submitted to
a sonication process using ethanol as a solvent. For this purpose, a
VibraCell model VC 505 from Sonics & Materials Inc. (Newton, CT)
was used, with an input energy of 18 kJ over a period of 7 min, while
the sample dispersion was cooled down in an ice−water bath.
Ultrasonic energy submitted to the system is able to partially break
down the pristine aggregates and agglomerates. For surface

modification of silica particles, 10% w/w (with respect to the filler
content) of TESPT and 8% w/w of diethylene glycol (with respect to
the filler content) were incorporated to the reaction media, using
ethanol as the solvent. After heating the reaction flask under reflux
conditions for 1 h, the solvent was evaporated at room temperature
overnight with a final drying step, at 70 °C for 2 h. The dispersion of
modified silica is completely stable in ethanol media for days without
any evidence about reaggregation.38 A representative SEM micrograph
of a freeze-fractured sample is shown in Figure 1B, demonstrating the
presence of larger aggregates and thus poorer dispersion as compared
to series A.

Table 1 gives a summary of all analyzed samples with the most
important details about their composition. The filler volume fraction ϕ
was determined as described in ref 38. The average molecular weight
of the network chains between two cross-links, Mc, can be roughly
estimated by the relation Mc

−1 = Mc,app
−1 − Me

−1 using the
experimentally derived apparent molecular weight Mc,app and the
nominal limiting value for entanglement dominated networks (Me)
known from literature. Mc,app was determined by a relation derived
from MQ NMR experiments (see below) which reads8,10

π
=

̅
−

M
D

f
f

617 Hz
/2

2
kg/molc,app

res (7)

The functionality f of the cross-links is herein set to 4, as unvulcanized
NR chains have a high molecular weight between 105 and 106 g/mol.
For all samples Mc,app was found to be between 1100 and 2100 g/mol,
which is well below Me,rheo ≈ 3890 g/mol.39 Note that the factor ( f −
2)/f = 0.5 in eq 7, related to the phantom model and first introduced
in ref 8, was not considered in our earlier work. For instance, in refs 30
and 37 D̅res,e/2π was estimated to about 70−90 Hz by an extrapolation
based on results of equilibrium swelling experiments, corresponding to
Me,NMR of around 7−9 kg/mol without the factor. This value
compared favorably with a rheological Me,rheo of 6.2 kg/mol, which
is however valid for polyisoprene with appreciable 3,4 microstructures.
With the factor of 0.5, and comparing with the right Me,rheo for NR,
good correspondence between Me,rheo and Me,NMR = 3.5−4.5 kg/mol is
retained. Table 1 also reports the defect fractions and the widths of the
cross-link density distributions (distributions of Dres ∼ 1/Mc,app),
which are seen to be appreciable only for the filled samples of series B.

NMR Spectroscopy. The experiments were conducted on two
different mq20 Bruker minispecs operating at 0.5 T with π/2 pulses of
2.6 and 1.95 μs length and dead times of 11 and 15 μs, respectively.
Comparative experiments showed an overall good agreement of the
operating systems and ensured the reproducibility of our findings. All
experiments were conducted at temperatures between 70 and 98 °C
(Tg ∼ −60 °C measured by differential scanning calorimetry), allowing
to remove not only initial but also strain-induced crystalline
components (see below).

Orientation-Dependent Measurements of Strained Rubber
Rings. The experimental determination of the strain response of the
rubber systems was realized by die-cut sets of rubber rings which were

Table 1. Comparison of the Apparent Molecular Weights between Cross-Links, Mc,app, and Filler Volume Fractions, ϕ, of All
Samples Investigated in This Studya

λ = 1 λ = 2.6(*)/2.4(**)

sample Mc,app (g/mol) ϕ (vol %) D̅res/2π (Hz) σDres/D̅res defects (vol %) D̅res/2π (Hz) σDres/D̅res defects (vol %)

NR3A * 1102 280 0.06 6.0 401 0.40 7.2
NR2A-S50-T * 1428 18 216 0.12 4.5 420 0.76 7.3
NR2A-S50-O * 1575 18 196 0.20 5.2 338 0.80 6.6
NR1B ** 2100 148 0.12 10.6 187 0.31 10.5
NR3B ** 1200 260 0.10 4.1 311 0.40 3.8
NR2B-S20-T ** 1750 7 175 0.35 22.2 238 0.42 29.8
NR2B-S50-T ** 1600 18 193 0.74 32.3 249 0.62 32.2

aThe average residual dipolar coupling constants, D̅res, and the relative widths of the corresponding distributions, σDres
/D̅res, as well as the defect

volume fractions are given for the relaxed and one stretched state. The defect volume fractions of the stretched states are determined at the magic
angle (Ω = 54.7°).
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elongated to a length of approximately 10 mm and slipped onto a thin
Al2O3 ceramics blade (Figure 2). Thus, a new sample was needed for
each elongation value. The final elongation of the rings could be
precisely varied by choosing the initial dimension of the rubber rings
defined by the inner and outer diameters (di = 1.5−3 mm, do = 3−4.5
mm), with a ring width of 1−1.5 mm. The weighted average of the
stretching parameter λmac was calculated by

λ
π

=
−l d d
d d

1/ 1/
ln( / )mac

i o

o i (8)

and is further used as a parameter to characterize the degree of
deformation. The rotation of the sample was realized by a stepwise
rotation of the ceramics blade using a computer-controlled servo
motor (MSR 0020/L2-45-0, Mattke AG, Freiburg, Germany). The
final accuracy was about 1°.
Powder Average Calculation To Remove Orientation

Effects. NMR intensity data measured on a uniaxially strained sample
are intrinsically subject to an orientation effect arising from the fixed
angular relation between the strain direction and the B0 field. Thus,
some of the usual approaches for data analysis implying an isotropic
powder distribution of anisotropic (here: dipolar) NMR interaction
tensors may not be applicable. While a quasi-isotropic response can be
obtained in principle by measurement of an isotropic powder sample
of small uniaxially stretched network pieces, such an approach is of
course technically not really feasible. However, orientation effects can
also simply be removed (spatially averaged) by adding individual data
sets taken at different evenly spaced orientations and using a weighting
factor of sin Ω to account for the orientation probability in a quasi-
isotropic sample:

∑= Ω ΩI I( ) sin
i

i ipowder
(9)

Such an “artificial powder” successfully averages all orientation
contributions of the dipolar interactions and hence allows to analyze
the data according to established procedures of isotropic systems.31

Avoiding Effects of Strain-Induced Crystallization. Strain-
induced crystallization (SIC) is an effect which occurs in NR and
might have an impact on the measurements presented here.40 Indeed,
upon further stretching above the SIC onset, it has been shown that

the amorphous rubber orients less than it would in the absence of
SIC.28,36,41 In pure NR matrices with cross-link densities comparable
to the ones considered here, the SIC onset occurs at about λmac = 3.5
at room temperature and is shifted toward even higher λmac values as
temperature increases. At T = 70 °C (the temperature of the
measurements), the onset is at about λmac = 5 according to ref 42,
which is well beyond the range investigated here. Kinetics measure-
ments indicate that SIC is indeed a fast process,41,43,44 which means
that equilibrated samples are measured on the time scale of our sample
preparation and measurement.

In reinforced materials, at a given temperature, the SIC onset is
shifted toward lower λmac values.

28,45 However, at 70 °C and above, the
onset is shifted to values which are still beyond the range investigated
here. Figure 3A,B shows exemplarily for one of the filled samples
(NR2B-S50-T) that the signals of the stretched samples at
temperatures above 70 °C do not contain more rigid signal
contributions as compared to the relaxed samples, which would
come from crystallites. The fraction of rigid signal associated with
noncrystalline material is due to impurities (proteins, lipids, etc.) that
are also present in unfilled rubber and to immobile components
related to the silica surface. We can thus conclude that SIC does not
cause any appreciable problems for the investigated range of samples,
elongations, and temperatures.

Determination of the Residual Dipolar Coupling Distribu-
tions of Polymer Networks by 1H Multiple-Quantum NMR. The
determination of the local distributions of the residual dipolar coupling
constants, p(Dres), was realized by a multiple-quantum (MQ) NMR
experiment as described elsewhere.10,31 Basically, the performed NMR
experiment enables to acquire two sets of data. The DQ intensity
IDQ(τDQ) mainly reflects DQ coherences which are dominated by the
intrachain spin-pair coupling, and the reference intensity Iref(τDQ)
includes all signal which has not evolved into DQ coherences after a

Figure 2. Experimental setup to measure elongated polymer networks.
Strained rubber rings were stretched and slipped onto a thin Al2O3
ceramics blade. The sample holder was stepwise rotated to realize
different orientations Ω with respect to the magnetic field B0.
Orientation effects of the uniaxially stretched sample can be removed
by construction of an articifial powder average by sampling different
orientations of the stretched rubber rings, so as to be able to use a
fitting procedure based upon a powder average.31

Figure 3. Normalized FID intensities after a dead-time free acquisition
(magic sandwich echo pulse sequence) at different temperatures for
the filled NR sample NR2B-S50-T without (A) and with applied strain
(B). The two-component fitting functions (solid lines), consisting of a
Gaussian (dotted) and a modified exponential (dashed), reveal
solidlike and mobile contributions, respectively, as described in detail
in ref 46.
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certain evolution time τDQ (Figure 4). Consequently, the sum Isum =
IDQ + Iref contains the full dipolar refocused intensities and can serve as
a norm, which decays only due to molecular motions occurring on the
time scale of the experiment. While these relaxation processes are
present in both intensities, they can be removed by a point-by-point
normalization. Contributions of nonelastic components (generally) do
not contribute to IDQ but lead to a slowly relaxing contribution to Iref.
In paticular, the difference Idiff = Iref − IDQ best reveals the nonelastic
content of the sample. The long-time tail of Idiff(τDQ) is a slowly
decaying function which in our case can be well approximated by a
single-exponential decay with an amplitude referring to the volume
fraction of the defects (Figure 4).
A subtraction of the exponential tail from the sum intensity

eliminates the defect contribution and a normalized DQ intensity
build-up curve InDQ is obtained:

τ
τ

τ τ τ
=

+ −
I

I

I I tail
( )

( )

( ) ( ) ( )nDQ DQ
DQ DQ

DQ DQ ref DQ DQ (10)

The build-up region of this function reflects the average Dres of the
given sample, InDQ ∼ ⟨sin2(kDresτDQ)⟩ ∝ ⟨Dres

2⟩τDQ
2, and information

on a potential distribution of Dres values is reflected in its exact shape,
specifically in increasingly early deviations from a quadratic initial rise.
The determination of the distribution function, based upon a known

build-up function for the single-Dres case,
31 is an ill-posed problem but

can be realized by regularization methods. We applied a method that
was specifically designed for polymer networks and is based on an
experimentally derived build-up kernel function.31 This approach has
the advantage that not only the initial part of the normalized build-up
curve but all points up to the plateau value of 0.5 are included. It
enables to access a broad range of dipolar interactions and to reveal
possible inhomogeneities. The determinations of the average dipolar
interactions and the distribution widths were accomplished by deriving
the weighted average and the second moment of the resulting
distributions. The integration interval over the distribution was set
such that small contributions at very high dipolar interactions, which
are not related to the network response but arise from intensity
uncertainties at small τDQ, were excluded from analysis. Note that the
quantitative analysis of InDQ(τDQ) is based upon an isotropically
powder-averaged signal and is hence not directly applicable to the
response of a strained and thus anisotropic sample measured for a
single orientation, as addressed above.

III. RESULTS AND DISCUSSION

In the following, we study the changes in Dres and its
distribution, thus the corresponding strain inhomogeneities
arising in uniaxially strained samples to reveal the potential
impact of embedded filler particles onto the local network
deformation. For this purpose we investigated two series of
vulcanized natural rubber samples, based upon high-molecular-
weight precursor polymers. The process of vulcanization
ensures that the polymer chains are well cross-linked and the
defect fraction is comparably low. Some of the samples
contained further silica filler particles with details given in Table
1. The silica dispersion of all filled samples is typical for
application-relevant (tire) preparations, characterized by a
coexistence of isolated, agglomerated, and aggregated silica
structures (see Figure 1).

Dres Distributions of Unstrained Networks. Although
the expected chain length distribution of statistically cross-
linked samples should lead to a broad distribution of Dres (or
equivalently Sb), we found in agreement with previous results29

the Dres distributions for the unstretched samples to be very
narrow, thus characterizing rather homogeneously cross-linked
rubbers (Figure 5). Even rubber samples containing nano-
meter-sized filler particles revealed homogeneous and unimodal
distributions, indicating that effects arising from immobilized
polymer chains or cross-link density inhomogeneities in
proximity of filler particles are weak if not negligible. Such
high homogeneities of the samples are needed to be able to
uniquely and unambiguously resolve the actual strain-induced
network response. It should be noted that the high
homogeneity of our sample series A cannot be taken for
granted as e.g. poly(ethyl acrylate)-based networks with tunable
model filler dispersion exhibit much broader distributions for
filled and pure systems indicative of complex and inhomoge-
neous cross-linked structures47,48 and thus cannot be used for
the present purpose.

Local Chain Stretching and Orientation in Strained
Networks. Stretched states have been realized by elongation of
rubber rings of different inner and outer diameters where the
maximum value of λmac is limited by the mechanical stability of
each sample. In such uniaxially stretched (thus anisotropic)
samples, the DQ build-up curves become orientation-depend-
ent. This dependence is a very valuable source of information,
but since suitable theories for its analysis are not yet available
and currently under development in our laboratories, a detailed
account is deferred to a later publication.

Figure 4. Left: an MQ experiment provides two intensity functions
that relax for long evolution times τDQ: IDQ (circles) and Iref (triangles),
as demonstrated for sample NR1B. The difference intensity Iref − IDQ
(squares) allows to reliably determine a tail function (dashed line)
with an amplitude corresponding to the defect volume fraction of the
sample (arrow). The overall intensity decay due to intermediate-time
scale motions of the matrix can be removed by dividing IDQ by the
term IDQ + Iref − tail for each τDQ (rhombi, red color). Right: the
normalized DQ intensity InDQ enables to reveal distributions of the
residual dipolar coupling by Tikhonov regularization.31

Figure 5. Distributions of Dres relative to the average value of the
unstretched state D̅res,λmac=1 in pure (black) and filled (colored) natural

rubber without (filled areas) and with applied strain (lines). The
macroscopic applied strains were λmac = 2.60 (series A) and λmac = 2.42
(series B).
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We thus mainly focus on the average stretching state, which
was characterized by orientation-dependent sampling with
respect to the magnetic field (see Figure 2). The resulting
distributions of local deformations shown in Figure 5 clearly
reveal a strain-induced overall increase of the average Dres; in
particular, they show a population of of highly strained chains
as reflected in the high-coupling tail or sometimes a second
peak. Note that the appearance of a peak rather than a tail may
well be a numerical artifact of the regularization procedure.
Importantly, the overall shapes of the distributions, in particular
their mean and width (standard deviations), were robust within
reasonable choice of the error-related parameter of the fitting
routine.31 The widths of the distributions reflect the
heterogeneity of the local chain stretching under macroscopic
elongation. For a quantitative understanding, we are currently
working on implementing appropriate local-deformation
models that have been used previously to explain neutron
scattering results on strained networks. The background is,
simply put, that chains with end-to-end vectors initially
oriented parallel or perpendicular to the stretching direction
are expected to be deformed differently, i.e., being either
strongly stretched or even slightly compressed, respectively.
This will enable a critical test of different network models but is
beyond the present scope, where we focus on the specific
effects in filled samples.

To highlight the potential of the new approach, we
qualitatively demonstrate the anisotropic feature of the highly
oriented network chains in stretched samples. This is realized
by plotting the normalized DQ intensities for individual
orientations (Figure 6A). The normalized DQ intensity, InDQ,
is expressed as a time and ensemble average of the individual
polymer chain signals, which may be written as

τ ω θ τ= ⟨ ⟩I R( ) sin ( ( , ) )nDQ DQ
2

res
2

DQ (11)

The individual residual interaction frequency ωres(R
2,θ) ∼

Dres(R
2)P2(cos θ) depends on the stretching and second

Legendre polynomial of the orientation θ of the chain (see
Figure 6B). In a system with uniaxial symmetry, the ensemble
average then shows a typical “magic angle effect”, in which the
average residual interaction has a clear minimum at the magic
angle of 54.7° (corresponding to the minimum of |P2(cos θ)|).
This effect is observed in Figure 6A and even more clearly in
the angle-dependent integral nDQ signal intensities plotted in
Figure 7A.

However, the experimental data show a much weaker angle
dependence than predicted theoretically by the junction-affine
model, which is based upon an affinely deformed, quasi-static
Gaussian distribution of end-to-end distances (see Figure 7A).
Nevertheless, we have chosen to use this model as it allows to
discuss in a simple way whether local deformations are affine or
not under macroscopic extension. The quasi-static Gaussian-
chain model is the only elementary model that has been used so
far to attempt a theoretical description of previous NMR
data,20,21,25,49−51 sometimes including ad-hoc assumptions on
additional orientation correlations.20,25,50,51 It describes the
network to be made of fluctuating chains which have a quasi-
static Gaussian distribution of end-to-end distances52 and are
attached to fixed, nonfluctuating end points whose positions are
deformed affinely under macroscopic strain.53 The weaker
angular dependence demonstrated in Figure 7A indicates that
macroscopic deformations lead to force-equilibrated rearrange-
ments on the molecular level and hence to a local deformation

Figure 6. (A) Normalized DQ intensity build-up InDQ(τDQ) for the
sample NR3A at λmac = 3 and different orientations with respect to the
magnetic field (symbols) along with the constructed powder average
(dashed line). The dotted line represents the response without applied
strain. (B) A polymer chain with end-to-end distance R with respect to
the magnetic field and the applied force.

Figure 7. Network chain vs defect response: (A) Angular dependence
of InDQ for NR3A at λmac = 3.0 (integral of the signal up to a fixed
relative τDQ time), renormalized by the corresponding powder-
averaged value (symbols) in comparison with the Gaussian model
(red, dashed line). (B) Theoretical angle dependence of InDQ for defect
chains. (C) Angle dependence of the measured apparent fraction of
defect chains.
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which is less than affine. This will be addressed in detail in
future work.
Influence of Network Defects. While long defect

(nonelastic) chains may be topologically constrained within
the cross-linked rubber matrix (trapped entanglements, loops)
and thus behave like proper cross-linked network chains,
shorter defects (dangling chains) are able to diffuse more freely
and only reflect the average anisotropy of the accessible
volume. Free ends of defect chains move in the fast limit, which
averages intrasegmental couplings down to a value representing
the anisotropy of intersegmental excluded-volume interactions
with the neighboring chains. Hence, dangling chains act as a
local probe and their residual coupling reflects the mean
anisotropy and orientation of their accessible volume. This has
been exploited widely in terms of residual quadrupolar
splittings in 2H spectra of deuterated small molecules or
unlinked probe chains in stretched network sam-
ples.20,22,27,54−58 Consequently, for an unstrained (isotropic)
network the anisotropic NMR interactions within defect chains
average to zero, as also illustrated by 2H spectra, which exhibit a
sharp central peak.22,54,55,58,59

In consequence, the residual coupling, and with it InDQ
according to eq 11, arising for the defect contributions exhibits
an orientation dependence which follows exactly the second
Legendre polynomial of the angle between the strain direction
and B0. This is because the Dres induced in defect chains, which
arises from a diffusional average, has a perfect correlation with
the macroscopic deformation. This stands in contrast to network
chains, which have fixed orientations that vary within the
sample (see Figure 6B). As indicated in Figure 7B, the Dres and
thus the associated DQ intensity of the defect contribution are
predicted to now cancel completely at the magic angle.
Consequently, the apparent defect fraction extracted from an

MQ experiment on a strained sample (which corresponds to
components with zero coupling) should be separable from the
matrix response at the magic angle. Indeed, as is exemplarily
shown in Figure 7C, we find maximal defect fractions at around
the magic angle (e.g., 7.2 ± 1% for NR3A and 3.8 ± 0.5% for
NR3B), which are further within error consistent with the
defect fractions of the unstretched rubber (e.g., 6.0 ± 0.5% for
NR3A and 4.1 ± 0.5% for NR3B); see also Table 1. The
remaining low amount of ∼3% at other orientations may be
related to the nonuniaxially strained parts of the samples at
edges or perhaps to other defects such as low molecular weight
compounds. We can conclude that the average residual dipolar
coupling measured in stretched elastomers generally does not
only reflect the local deformation of the network only but also
includes the orientation effect of the defect chains described
above. This is of importance for defect-rich samples (and hence
concerns two of the more inhomogeneous filled samples of
series B) but can safely be neglected for samples with defect
fractions of less than ≤10 vol %, such as all other samples
investigated herein.
Changes of Dres and Its Distribution in Strained

Networks. The relative increase of the average (distribution-
averaged) residual dipolar interaction, D̅res(λmac)/D̅res(λmac = 1),
of elongated samples is plotted in Figure 8A. It is found to be
far less than predicted by the affine Gaussian model. Most
importantly, this subaffine behavior must arise from the
chemically cross-linked network itself, since possible influences
of defect chains and large entanglement effects are of minor
relevance in our case (the molecular weights of the network
chains in most samples are well below the limiting value for

entanglement-dominated networks). The initial slope of the
“relative deformation” was further independent of the cross-link
density and details in the sample preparation, in contrast to
results reported in ref 24.
Further evidence of significant deviations from the affine

quasi-static Gaussian chain model is given by the rather low
local anisotropy (Figure 7A) and the narrow local deformation
distributions, σDres/D̅res, plotted in Figure 8B. Here, σDres is the
numerically calculated standard deviation of the distribution
obtained from the regularization procedure. We note on the
side that a detailed reanalysis of the spectral components of
various polymer network systems from the literature, e.g. refs
21, 25, 49, 60, and 61, is in agreement with our findings, as will
be reported in a separate publication. In short, we were able to
model the published 2H NMR spectra as a superposition of a
narrow component with fast isotropic motions (from network
defects, sol, etc.) and a broad Gaussian-like contribution of the
network. The spectral width of the latter, related to the residual
quadrupolar coupling, follows the same trend as our data in
Figure 8A.
The failure of the quasi-static Gaussian model to describe

strained networks is in fact not surprising in light of the fact
that even in the bulk unstrained state the distribution of local
order parameters is experimentally found to be much narrower
than predicted. One reason for this lies at hand: as opposed to
scattering results, the NMR observable represents a time
average, while the model implicitly assumes a frozen-in end-to-
end distribution.49,50 According to phantom-type (and possibly
also tube-based) models, which according to our previous work
fit NMR and swelling data much better,8 the cross-link

Figure 8. (A) Relative average residual dipolar coupling D̅res and (B)
the corresponding relative distribution widths σDres/D̅res as a function
of the strain function for the different unfilled systems (symbols) in
comparison with the prediction of the quasi-static Gaussian chain
model (red dashed line).
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fluctuations lead to a partial mapping out of the end-to-end
distribution during the time average, whereby an at least
partially ensemble-averaged order parameter and a correspond-
ingly narrow distribution arise. Moreover, these fluctuations
possibly allow force equilibration between different chains
attached to a given cross-link32 and thus a homogenization of
the observed Dres values. As noted, these aspects are deferred to
our future work, and we turn to the quantitative measurement
of overstrain, which is independent of the details of the chain-
deformation model.
Local Deformation of the Network Matrix in the

Presence of Nanoscopic Filler Particles. Figure 9A
compares the normalized DQ build-up curves for a filled and
unfilled sample of series A on a mastered time axis. For the
unstretched case, since the nDQ build-up curves depend only
on the product of the residual dipolar interaction and the
evolution time (InDQ ∼ ⟨sin2(kDresτDQ)⟩), we can perfectly
superimpose the curve shapes of the filled and unfilled samples
by rescaling the time axis according to their respective Dres
values. This indicates the same (or similar) underlying
distribution of residual dipolar interactions. In other words,
the unfilled and filled samples of this series feature a similarly
homogeneous rubber matrix. Turning to the stretched samples,
the overstrain becomes immediately apparent in this scaled

representation, as the build-up curve of the strained filled
sample is different from and rises more quickly than the curve
of the unfilled counterpart (both samples differ somewhat in
Dres, but the scaled time axis accounts for this difference).
Moreover, the addition of filler particles does not increase

but even slightly decreases the orientation dependence, and
thus the local anisotropy of the network structure, as
demonstrated in Figure 9B. This effect may originate from
restrictions of local chain rearrangements by filler particles or
from nonaffine displacements of filler particles, if e.g. the filler
particles are topologically linked. In both cases the presence of
filler particles would preserve the local isotropy of the attached
network chains and hence reduce the anisotropic feature.
The local strain and overstain in the filled samples as well as

their inhomogeneity are addressed in Figures 10A and 10B,
respectively. The overstrain describes the enhanced average
local deformation of polymer chains in filled compared to
unfilled rubber systems at the same macroscopic elongation. It
can be experimentally estimated either by comparing the
macroscopic deformation of unfilled and filled systems which
induce the same average microscopic deformation45 or by
directly comparing the average microscopic deformations of both
systems as described by eq 1 or 3.
We follow the latter strategy and first address the actual

average local deformation λloc,chain = R̅/R̅λmac=1. This corresponds
to the weighted (relative) average of the end-to-end distance
distribution, p(R), which for MQ NMR experiments (R2 ∼

Figure 9. (A) Normalized DQ intensities InDQ (“artificial” powder
averages) for pure (closed symbols) and filled (open symbols) NR
samples of series A with and without applied strain, plotted on a
mastered time axis. (B) Corresponding angular dependences of InDQ
(integral of the signal up to a fixed relative τDQ time, renormalized by
the powder-averaged value). The data directly reveal a locally
enhanced strain (A) and a reduced anisotropy (B) for the filled
samples.

Figure 10. (A) Relative local deformations λloc,chain = R̅/R̅λmac=1 and (B)

the corresponding distribution widths σR/R̅λ upon macroscopic
deformation λmac for unfilled (closed symbols) and filled (open
symbols) systems of series A. The solid lines in (A) are linear fits
quantifying the nonaffinity in the unfilled sample and the overstrain in
the filled samples (see text). The dotted and dashed lines are
predictions based upon eqs 1 and 3, respectively, assuming ϕeff = ϕ.
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Dres) can be directly derived from the corresponding Dres
distribution, p(Dres), using

∫ ∫̅ = ∼
∞ ∞

R R p R R D p D D( ) d ( ) d
0 0

res res res (12)

We note that the root-mean-square average (R̅2)1/2 ∼ (D̅res)
1/2

= (∫Dresp(Dres) dDres)
1/2 corresponds to the second moment of

the R distribution and thus gives larger values for broad
distributions. As second moments are generally more sensitive
to uncertainties in the amplitude of components with high
parameter values, we use eq 12, which provides a realistic lower
limit.
Now, before turning to the filled samples, we need to take

into account that the chain-level λloc,chain is much lower than
λmac for unfilled rubber samples due to the locally nonaffine
deformation. The data for unfilled samples shown in Figures 8A
and 10A suggest a near-linear subaffine behavior in the range
λmac ≤ 3, and a fit to the data for NR3A yields (λloc,chain − 1) =
0.11 × (λmac − 1). Assuming this subaffinity to arise on a length
scale shorter than the filler particle size, we can thus replace
(λloc − 1) in eqs 1 and 3 by (λloc,chain − 1)/0.11.
A simple comparison of the slopes of the linear fits to the

filled and unfilled sample data in Figure 10A immediately
reveals a nearly constant strain amplification of 1.25 and 1.8 for
NR2A-S50-O and NR2A-S50-T, respectively. This is well above
the uncertainties of our measurement but below the theoretical
prediction of eq 1 assuming ϕeff = ϕ = 0.18 (dotted line in
Figure 10A). This is not surprising, considering its recently
identified nonapplicability.14 We remind, however, that eq 1 has
been used as a gauge in previous work.18,19 The correct
hydrodynamic prediction, eq 3 with ϕeff = ϕ = 0.18, shown as
dashed line in Figure 10A, underpredicts the result for NR2A-
S50-O only slightly and can be made to match the linear fit
results for both filled samples by simply adjusting the value of
ϕeff to 0.20 and 0.37 for NR2A-S50-O and NR2A-S50-T,
respectively.
We remind that the NMR method provides a measure of

local deformation, which is in principle proportional to the
elongation R/R0 of the elastically active strand (see eq 5). The
observed deviation may thus also arise from the average over an
inhomogeneous and complex distribution, which is ultimately
one of the reasons why the distinction between eqs 1 and 3 has
to be made.14 The width of the distribution of local strain as a
function of strain is plotted in Figure 10B and shows
indications of increased inhomogeneity in the latter. Generally,
our results on the distribution function of local strain (and thus
local stress) (see also Figure 5) will certainly be of use to
address this problem more fundamentally. The local
deformation distributions of the polymer networks indeed
indicate that the macroscopically applied forces are transmitted
by a small fraction of highly strained network chains (those
initially oriented along the stretching direction), while large
parts of the networks are less strained and may even reorganize
on the mesoscopic scale.62 We stress that in sample series A, in
which fillers are well dispersed, the inhomogeneity of the local
strain (or stress) in the filled samples increases near-linearly
and similarly to that of the pure system (Figure 10B). The
differences between the samples surface-modified with OCTEO
and TESPT in both the average local strain and its distribution
at larger external strain may well arise from the differences in
polymer−silica interaction or differences in the dispersion state.
Analogous results for λloc,chain and σR/R̅λ for the samples of

series B, as compiled in Figures 11A and 11B, respectively,

support the latter assumption. While the unfilled samples of this
series (filled symbols) are comparable to those of series A,
(λloc,chain − 1) = 0.09 × (λmac − 1), the filled counterparts
exhibit a somewhat higher apparent cross-linking heterogeneity
in the unstretched state (see Table 1) and a more pronounced
filler aggregation (see Figure 1B). The filled samples exhibit a
significantly higher initial strain amplification, and linear fits for
the larger range λmac ≤ 3 yield 1.33 and 1.67 for NR2B-S20-T
and NR2B-S50-T, repectively; see Figure 11A). Expectedly,
almost no strain-induced effect on the distribution widths can
be identified (Figure 11B). The overstrain depends, as
expected, on the filler loading. These observations, in particular
the decisive nonlinearity of the λloc,chain data for NR2B-S50-T,
evidence a complex and nonlinear response in terms of local
deformation. The overall higher overstrain values might be
induced by a higher ϕeff due to volume occlusions in between
filler aggregates. Equation 3 yields ϕeff = 0.23 and 0.38, to be
compared with ϕ = 0.07 and 0.18 for NR2B-S20-T and NR2B-
S50-T, respectively. For a detailed understanding, we are
planning to correlate these observations with the nonlinear
mechanical properties (Payne effect) following our recent
work,63 and more quantitative studies of the filler dispersion
using scattering techniques.68 The latter were beyond the scope
of the present effort.

IV. CONCLUSION
In summary, we were able to reveal for the first time on a local
(molecular) scale a significant overstrain of active elastic

Figure 11. (A) Relative local deformations λloc,chain = R̅/R̅λmac=1 and (B)
the corresponding distribution widths σR/R̅λ upon macroscopic
deformation λmac for unfilled (closed symbols) and the more
inhomogeneous filled samples (open symbols) of series B. The solid
lines are linear fits quantifying the overstrain and revealing an
increased ϕeff > ϕ (see text), and the dashed lines are based upon
predictions of eq 3 assuming ϕeff = ϕ.
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subchains in filled, application-relevant elastomers. Our results
further indicate a qualitative effect of filler particle distributions
on the local response. Our lower-limit estimate of the matrix
overstrain is in quantitative agreement with a recently identified
appropriate hydrodynamic prediction.14,17 The revealed com-
plexity of the responses in terms of inhomogeneous
distributions of local strain/stress as well as the reduced overall
anisotropy observed in filler samples demonstrate the capability
of the introduced NMR method to reveal local effects. Our
results also stress the need of initially homogeneous and
possibly tunable particle distributions in experiments aimed at a
complete understanding of network elasticity and the role of
overstrain as compared to filler networking.
Our molecular-level data reporting on local stress/strain for

both unfilled and filled natural rubber samples could not be
described by the affine quasi-static Gaussian-chain model that
was previously used to describe NMR data. The pronounced
homogeneity in unstretched samples, the clearly subaffine local
stress/strain response, and the reduced anisotropy indicate that
the local network structure can adapt to a significant degree;
thus, the junctions are clearly not affinely deformed, in
agreement with previous scattering studies. Theoretical
approaches to model the experimental data of the unfilled
samples based upon phantom or tube model ideas are currently
under development.
From the changes in the apparent amount of the detected,

isotropically mobile defect chains, we inferred further evidence
that the most often discussed spectral splittings observed in 2H
NMR spectra of various (mostly defect-rich model-type)
elastomers originate from dangling chain ends and cyclic
structures that do not support stress, rather than from the
network itself. The anisotropic excluded-volume effect of the
surrounding matrix, possibly combined with an increased
apparent entanglement density,64 provides an additional
anisotropic constraint that leads to a residual orientation of
the defect chains. This is of relevance not only for the NMR
response of the network chains but also for network elasticity in
general.51,65−67
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