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Preface to ”High Entropy Materials: Challenges and

Prospects”

High-entropy materials emerged in the first decade of the 21st century, attracted the attention of

metallurgists, and became a hot topic in the material science community in the following decade. The

new fever began with high-entropy alloys, a family of multi-principal element alloys with at least

five elements in equal or near-equal molar fractions. This family of alloys interested metallurgists

soon after their invention, because the complexity in chemistry results in a disordered solid solution

phase in certain instances, rather than multiple intermetallic phases, as expected from historically

established metallurgical experiences. The effect can loosely be attributed to the high configurational

entropy caused by the mixing of multiple elemental species in close ratios, which tends to minimize

the Gibbs free energy to stabilize a solid solution. It is an exciting field to work in, as a multitude of

compositions, microstructures, and properties have been reported and are continuously revealed.

It is also exciting because the material space and category is expanded beyond those in which

metallurgies have existed for hundreds of years. It is anticipated that plenty of novel alloys with

excellent properties and real-life applications will evolve in this field.

High-entropy materials emerged in the first decade of the 21st century, attracted the attention of

metallurgists, and became a hot topic in the material science community in the following decade. The

new fever began with high-entropy alloys, a family of multi-principal element alloys with at least

five elements in equal or near-equal molar fractions. This family of alloys interested metallurgists

soon after their invention, because the complexity in chemistry results in a disordered solid solution

phase in certain instances, rather than multiple intermetallic phases, as expected from historically

established metallurgical experiences. The effect can loosely be attributed to the high configurational

entropy caused by the mixing of multiple elemental species in close ratios, which tends to minimize

the Gibbs free energy to stabilize a solid solution. It is an exciting field to work in, as a multitude of

compositions, microstructures, and properties have been reported and are continuously revealed.

It is also exciting because the material space and category is expanded beyond those in which

metallurgies have existed for hundreds of years. It is anticipated that plenty of novel alloys with

excellent properties and real-life applications will evolve in this field.

This Special Issue aims to provide a platform for researchers in the broad field of high-entropy

materials to communicate their views and recent research on the subject. Reprinting it as a book is

helpful for further raising awareness of the field and promoting communication among academic and

industrial researchers.

Weidong Li, Peter K. Liaw

Editors
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1. Introduction and Scope

Entropy is an important concept in thermodynamics, measuring the disorder in a
system or, more precisely, the number of possible microscopic configurations of individual
atoms or molecules of a system, i.e., microstates. High-entropy materials (HEMs), in terms
of entropy, are a class of materials with a higher-than-usual degree of disorder in their
microstructures. The high degree of microstructural disorder in these materials implies that
they possess simpler microstructures than their low- and medium-entropy counterparts.
A representative example is the formation of a single disordered solid solution in a multi-
component alloy system, rather than several phases expected from the Gibbs phase rule.

The high-entropy concept was first proposed in the field of metals in 2004 by Yeh et al. [1],
and the relevant materials would later become widely known as high-entropy alloys
(HEAs). What interests researchers about HEAs is that the mixture of five or more elements
in equal or near-equal atomic proportions could result in a single solid solution phase,
which is unexpected given the established metallurgical wisdom. The mix of multiple
elements in equal or near-equal atomic proportions also overturns the long-established
alloy-making practice of utilizing one principal element and adding others as minor
ones for property tuning, thereby creating a drastically huge compositional space for
material researchers to work with. The research into the multiple different aspects of HEAs
continuously reveals unique microstructures and promising properties [2,3]. All these facts
are making HEAs one of the most promising fields of research in the material community.

The high-entropy concept is not limited to the field of metals; its scope includes other
materials. High-entropy ceramics, high-entropy polymers, and high-entropy composites
are emerging to enrich the HEM family. Predictably, prospects and challenges go hand-in-
hand in each class of HEMs. This Special Issue has been launched to provide a platform for
researchers in this field to report on the prospects and challenges they face in advancing
HEM research.

2. Contributions

This Special Issue is composed of eight articles, which have been contributed from
various branches of HEMs and related fields, including five articles on HEAs, one on
high-entropy ceramics and composites, and one on bulk metallic glasses.

In the five articles on HEAs, two focus on refractory HEAs, one designing a single-
phase body-centered cubic (bcc) in the Mo-Nb-V-W-Ti system with classical empirical rules
and studying their microstructures and mechanical properties accordingly [4], the other
exploring the laser beam welding of the Ti1.89NbCrV0.56 and reporting on the influence of
differently configured welds on the microstructure evolution and mechanical properties of
the alloy [5]. In addition, there is one article attempting to tailor the composition in the
(Fe0.3Co0.5Ni0.2)100−x(Al1/3Si2/3)x system to design cost-effective soft magnetic alloys with
satisfactory mechanical properties [6], one article statistically analyzing the prevalence
of intermetallic (IM) phases of 142 IM-containing HEAs and inspecting the inheriting
relation of the IM phases in HEAs with what were reported in their binary and tertiary
subsystems [7], and one article reviewing the potential of HEAs as biomaterials [8].

Metals 2021, 11, 1643. https://doi.org/10.3390/met11101643 https://www.mdpi.com/journal/metals
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The article on high-entropy ceramics reports on the steps of making (Hf-Ta-Ti-Nb-V)C
and (Ta-Ti-Nb-V-W)C high-entropy carbides, and then compositing them with the 19.2 vol%
Co binder to make hard metals (also known as cemented carbides) as potential cutting tool
materials [9]. Researchers also mix up the TiC and FeCoNiCuAl HEA with mechanical
alloying and sinter the mixture into TiC-reinforced FeCoNiCuAl HEA composites with
spark plasma sintering, whose hardness and wear performance are largely improved [10].
Lastly, a low-cost bulk metallic glass, Zr58Cu15.46Ni12.74Al10.34Nb2.76Y0.5 (at%), is prepared
using the industrial grade Zr and its high-cycle fatigue behavior is investigated [11].

3. Conclusions and Outlook

Though eight articles were eventually accepted for publication, this Special Issue
covers a wide range of topics in the field of high-entropy materials, the majority of which
cover different aspects of high-entropy alloys, while high-entropy ceramics, high-entropy
composites, and bulk metallic glasses are also covered. The published work aims to inspire
continued research in the respective sub-fields. We look forward to seeing more interesting
and inspiring research following this Special Issue, advancing each sub-field and the wider
field of high-entropy materials as a whole.

This Special Issue could not be a success without the contribution of committed
authors, responsive reviewers, and the diligent Metals Editorial Office, especially Toliver
Guo, who facilitates everything with his patience and professionalism. Thanks to all
authors, reviewers, and Metals staff for their dedication. Credit goes to every single person
engaged in this endeavor.

Funding: This research received no external funding.

Conflicts of Interest: The authors declare no conflict of interest.
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Abstract: High-entropy alloys (HEAs) have been around since 2004. The breakthroughs in this field
led to several potential applications of these alloys as refractory, structural, functional, and biomedical
materials. In this work, a short overview on the concept of high-entropy alloys is provided, as well
as the theoretical design approach. The special focus of this review concerns one novel class of these
alloys: biomedical high-entropy alloys. Here, a literature review on the potential high-entropy alloys
for biomedical applications is presented. The characteristics that are required for these alloys to be
used in biomedical-oriented applications, namely their mechanical and biocompatibility properties,
are discussed and compared to commercially available Ti6Al4V. Different processing routes are
also discussed.

Keywords: high-entropy alloys; biomedical materials

1. Introduction

High-entropy alloys are loosely defined as alloys containing at least five principal
elements, each having an atomic percentage ranging between 5 and 35%, according to
Yeh et al. [1], who alongside Cantor et al. [2], first discovered these alloys. There are other
proposed parameters and definitions, such as the non-existence of intermetallic phases on a
solid solution that would make an high-entropy alloy [3]. For these materials, high entropy
refers to the high value of mixing entropy between equimolar metal alloys, conventionally,
more than 1.5 R, resulting in a high probability of forming random solid solutions during
solidification instead of forming intermetallic compounds or segregated states. Similarly,
a medium-entropy alloy [4] is defined as a material composed of two to four principal
elements or having a mixing entropy between R and 1.5 R [5].

The origin of studies related to high-entropy alloys can be traced back to the 1980s
though the first published works with actual alloys only came out in 2004, as previously
described [1,2]. These pioneer works marked the beginning of an increasing number of
studies regarding this new branch of alloy development [6]. Among some of the key
properties exhibited by these alloys in their early years, one can account for their excellent
mechanical behavior, the high corrosion resistance, and the suggestion of the existence of
effects such as the high-entropy effect, lattice distortion effect, and slow diffusion effect [1].

Ranganathan [7] described the limitations on the development of multicomponent
alloys, since the amount of information needed to study these alloys as the number of
components increase was difficult to manage, and because by adding processing variables,
it would be of astronomical proportions. Although this turned out to be true, in recent
years, there has been an increase in the number of ways currently available for the fast and
reliable identification of new alloys compositions of interest.

Metals 2021, 11, 648. https://doi.org/10.3390/met11040648 https://www.mdpi.com/journal/metals
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High-entropy alloys are also known to possess unique microstructural features giving
rise to improved properties over conventional engineering alloys. There are several con-
tributions to the extraordinary properties of high-entropy alloys. These contributions are
known as the four core effects, as described by Yeh [8].

Figure 1 represents the relationships between composition, structure and microstruc-
ture, and physical and mechanical properties of high-entropy alloys, providing the context
in which the four core effects take place [6,8–11].

 

Figure 1. The scheme of physical metallurgy showing areas that are influenced by the four core effects exhibited by high-
entropy alloys (from [6]). Reprinted with permission from Springer Nature: eBook “High-Entropy Alloys-Fundamentals
and Applications”, Copyright 2021, License: 5021540456140.

The four core effects are as follows: high-entropy effect; sluggish diffusion; severe
lattice distortion; and cocktail effect. The high-entropy effect is where, contrary to what
was previously thought to be the case, mixing equimolar chemically compatible elements
narrows down the possible solid solution phases of an alloy. The high mixing entropy in
multiprincipal elements lowers the Gibbs free energy for random and partially ordered
solid solutions to compete with intermetallic compounds on attaining equilibrium states at
high temperatures. On the other hand, having high-entropy alloys with a more significant
difference in the enthalpy of mixing between unlike atom pairs, leads to the formation of
more than two phases [12]. The atomic size difference parameter (δ) also plays a role in this
and is compared alongside the entropy of mixing (ΔSmix) and enthalpy of mixing (ΔHmix)
in describing trends, setting phase selection rules [13], and describing the order–disorder
competition in these alloys. The severe lattice distortion effect, where different atomic
sizes, bonding energies, and crystal structure tendencies among the constituent elements
all contribute to the lattice distortion, typically results in a large solution hardening effect.
This effect leads to enhanced properties such as strength and hardness, and the temper-
ature dependance of these properties is also consequently low. The sluggish diffusion
effect, where the number of principal elements in the system’s matrix is proportional to
the degree of sluggish diffusion, leads to higher recrystallization temperatures and creep
resistances, slower grain growth and particle coarsening, and ease of getting supersatu-
rated states and fine precipitates. Finally, the cocktail effect is where each phase, being a
multiprincipal element solid solution, is regarded as both an atomic-scale and microscale
composite, having multiprincipal element composite effects and multiphase composite
effects, respectively. Due to the interactions between the different elements and the severe
lattice distortion, the rule of mixtures of the different elements underpredicts the alloys’
changes by a substantial amount.

4
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1.1. Alloy Design Strategy: The Theoretical Approach

Parameters such as enthalpy of mixing, entropy of mixing, melting points, atomic size
difference, and valence electron concentration are used as phase formation rules for high-
entropy alloys. These rules and parameters allow researchers to predesign a high-entropy
alloy with the characteristics that best suit their envisaged application.

1.1.1. Enthalpy and Entropy of Mixing

To understand these two concepts, a couple of assumptions are required to be estab-
lished. When equal atom size and loose atomic packing are assumed, the configuration
entropy of mixing of an alloy is equivalent to that of an ideal gas. Moreover, there are
competing states in the solid state of an alloy, which are elemental phases, intermetallic
compounds, and solid solution phases (random solid solutions and partially ordered solid
solutions). The one with the lowest free energy at a given temperature and pressure will
be predominant in the equilibrium state, and so, if kinetic factors are not involved, phase
formation is thermodynamically controlled by the Gibbs free energy, G:

ΔGmix = ΔHmix − T × ΔSmix (1)

Therefore, the configurational entropy of mixing, under said assumptions, is defined
as follows:

ΔSmix = −R
n

∑
i=1

xi × ln(xi) (2)

with R being the gas constant and xi the molar fraction of the ith element, and the enthalpy
of mixing for multicomponent alloys [13] is defined as follows:

ΔHmix =
n

∑
i=1,i �=j

4ΔHmix
AB xixj (3)

where ΔHmix
AB is the enthalpy of mixing for a binary equiatomic AB alloy and xi and xj are

the molar fractions of the ith element.
The enthalpy of mixing is proportional to the number of bonds of unlike atoms,

and completely ordered structures have a higher number of unlike atom pair bonds than
that of random solid solutions, and although this difference lowers with the increase
in the number of principal elements in an equiatomic high-entropy alloy, the number
of unlike atom pair bonds in random solid solutions will never be the same or higher
than that of intermetallic compounds. The reason a solid solution manages to compete
with intermetallic compounds is because the entropy of mixing for completely ordered
structures is ≈0, while in disordered structures such as random solid solutions, the ΔSmix
equals R ln n [10].

Of course, equal atom size and loose atomic packing cannot be assumed for real
alloys, and so the above definition has its limits. For this, another parameter is used,
considering atomic composition, the atom size, and the overall packing density. According
to Mansoori et al. [14], the total configurational entropy of mixing ST per sphere for a hard
sphere system is defined as follows:

ST(ci, ri, ξ) = SC(ci) + SE(ci, ri, ξ) (4)

where SC = −kB ∑n
i=1 ci ln ci is the equivalent to ΔSmix, the configurational entropy of

mixing for an ideal solution. SE is a function of the atomic composition, ci, the atom size ri,
and the overall packing density, ξ, and is defined as the excessive entropy of mixing [14–16].
Thus, for high values of ξ, non-equiatomic compositions, and different atomic sizes between
constituent elements, there is a correction provided by SE that makes ST a more precise
value of configurational entropy of mixing, whereas for high temperatures, ξ is negligible
enough so that ΔSmix remains a good approximation. The variation of the total entropy

5



Metals 2021, 11, 648 4 of 16

of mixing, ST , with the atomic packing fraction, ξ, for different high-entropy alloys is
detailed in Figure 2. It is worth noting that with ST , the difference in the total entropy
of mixing for different high-entropy alloy systems with the same number of principal
elements, becomes increasingly evident when atomic packing fraction gets higher with
decreasing temperature.

Figure 2. Variation of the total entropy of mixing, ST , with the atomic packing fraction j for three five-
component alloys of equiatomic composition (from [9]). Reprinted with permission from Elsevier:
Mater. Today. 19, Copyright 2021, License: 5047200903826.

1.1.2. Ω Parameter

Zhang et al. [17] proposed the Ω parameter, which combines the effects of ΔSmix and
ΔHmix on the stability of a multicomponent solid solution, taking the various component’s
melting points into consideration. The Ω and Tm parameters are defined by

Ω =
Tm × ΔSmix
|ΔHmix| (5)

Tm =
N

∑
i=1

xi(Tm)i (6)

where Tm is the average melting temperature of the N-element alloy and (Tm)i is the
melting point of the ith component of the alloy.

Similar to how Yeh et al. [1] suggested ΔSmix > 1.6R as a criterion for high-entropy
alloys, Zhang et al. proposed Ω > 1.1, where the higher the Ω value, the higher the
probability of forming a single-phase random solid solution in high-entropy alloys. The
parameter’s potential for such estimation was originally intended to be used along with
the atomic size difference parameter, δ, which is described below.

1.1.3. Atomic Size Difference

The atomic size effect has been thoroughly corroborated and defined by several
experimental data throughout the literature [17], and the critical atomic size difference (δ)
found for a solid solution to form high-entropy alloys is δ ≤ 6.6%. δ is defined as [13]

δ =

√√√√ N

∑
i=1

xi(1 − di

∑N
j=1 xjdj

)
2

(7)
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where N is the number of elements, xi or xj is the composition of the ith or jth element, and di
or dj is the atomic diameter of the ith or jth component. In Figure 3, we can see the discussed
parameters used and paired with each other, having several phase overlaps. Some regions
are identified, but ultimately, no definitive separation between them is achieved.

  

  
Figure 3. ΔSmix, Ω, and δ vs. ΔHmix (from [9]) and δ vs. Ω (from [17]) plots for as-cast high-entropy alloys (HEAs) with
different phases, showing several phase overlaps. Reprinted with permission from Elsevier: Mater. Today. 19 (from [9]) and
Mater. Chem. Phys. (from [17]), Copyright 2021, License: 5047200903826 and 5033770520802, respectively.

1.1.4. Φ Parameter

Ye et al. [16] pieced together the individual parameters SC and SE along with Tm and
ΔHmix, proposing the φ parameter, defined as

φ =
SC − |ΔHmix|/Tm

|SE| (8)

Both ΔSmix and Ω had significant overlaps in their respective values computed for
the high-entropy alloys with different phases, and φ has shown to be the best out of
the three parameters, with a critical value of φc = 20, where alloys with higher values
display single-phase solid solutions, and lower values display multiphase and amorphous
solutions. Figure 4 shows the single parameter being used to successfully separate the
different phase formations.
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Figure 4. φ plot for different high-entropy alloy phases (from [9]). Reprinted with permission from
Elsevier: Mater. Today. 19, Copyright 2021, License: 5047200903826.

1.1.5. Valence Electron Concentration

As described earlier, we have high entropy, causing these alloys to have mainly
random solid solutions instead of intermetallic compounds, and we have a set of parameters
that allows the prediction of whether they form single or multiple phases. The valence
electron concentration (VEC) allows the determination of the type of structure that will
be formed in high-entropy alloys, namely face-centered cubic (FCC), body-centered cubic
BCC, or hexagonal close packed (HCP) structures. Figure 5 pairs both the φ parameter
and the VEC, successfully separating both phase formation and crystal structure within
reasonable and usable margins.

Figure 5. φ vs. valence electron concentration (VEC) plot for different high-entropy alloys (from [9]). Reprinted with
permission from Elsevier: Mater. Today. 19, Copyright 2021, License: 5047200903826.

Different mean values of VEC have been found to regulate the crystal structure of
existing phases in these alloys. Typically, for FCC structures, the VEC is ≈8.5, while for
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BCC and HCP structures, it decreases to ≈5 and ≈2.8, respectively. When the d-electrons
in the valence band are included, the average VEC of an alloy can be defined as:

VEC =
n

∑
i=1

ci(VEC)i (9)

where (VEC)i is the VEC for the ith element [18].
Not only is VEC a good indicator of the predominant structure for an alloy, but there

are also correlations with some mechanical properties such as the ductility of conven-
tional BCC alloys. For instance, Mo- and W-based binary alloys can be ductile if VEC
decreases [18,19]. Sheikh et al. [20] reported a similar rule for high-entropy alloys, indicat-
ing a possible VEC value threshold of 4.5, where alloys with lower values would lead to
high ductility, and VEC > 5 would lead to high brittleness. These rules were studied for
refractory high-entropy alloys, comprising group IV (Ti, Zr, Hf), V (V, Nb, Ta), and VI (Cr,
Mo, W) refractory elements.

2. Biomedical Spectrum of High-Entropy Alloys

It may come as a surprise how, after years and years of developing science and
technology, we are still to find an absolute replacement for bones and joints. The mechanical
properties required to withstand the constant and cyclic loads of simple daily activities
such as walking without fracture are not so simple, and to top it off, the biocompatibility
requirements for a material to be used as an implant are such that the possibilities are
further narrowed down. Therefore, materials used in such applications must have a low
modulus of elasticity, to avoid stress shielding [21]; high yield strength; high fatigue
resistance; and high ductility to be able to handle loads from physical activity. Natural
load bearing joints such as the knee or hip joints are extremely well lubricated, with the
bone tissue having friction coefficients of 0.003–0.0015, which are very low, and last for
over 70 years [22], and so the tribological properties of implants are of utmost importance.
In total hip arthroplasty (THA), wear is seen as a major cause of osteolysis, leading to
bone loss due to the foreign-body autoimmune response, caused by the implant’s wear
debris [23,24]. Therefore, high surface-level wear and corrosion resistance (accordingly to
the contact with the tissue or body fluid) and a low coefficient of friction are also essential,
besides the obvious strict and demanding biocompatibility needs [25,26]. There are a series
of standards for evaluating the biocompatibility of medical devices. These standards are
part of ISO 10993 [27], serving as a framework for the development of biocompatibility
evaluations. Such standards are recognized worldwide, with little additional (or fewer)
recommendations from regulatory agencies such as the Food and Drug Administration
(FDA) and the Japanese Ministry of Labor Health and Welfare (MHLW).

The International Organization for Standardization details the necessary tests for
each application, and biomedical application devices based on high-entropy alloys are
mainly focused on load bearing joints, e.g., in knee and hip arthroplasty, and so the proper
categorization falls into implant devices, with contact to tissue/bone with a type C duration
(more than 30 days) [28]. Of course, this list does not mandate any testing whatsoever, hence
the name “Endpoints to be addressed in a biological risk assessment”. It simply provides
the biological effects to be taken into consideration given the class of the medical device
being tested. Having said this, the associated testing can be quite slow and expensive
(e.g., subacute/subchronic toxicity tests) and requires careful planning and a finished
device ready for market. This means that early development stages such as material
design and validation do not justify long and expensive tests. There are, however, more
economically and logistically reasonable tests that can be carried out in early development.
In vitro tests such as cell proliferation, live/dead viability assays, osteoblast adhesion and
morphology, and bio-corrosion behaviors with potentiodynamic polarization curves in
Hank’s or phosphate buffer solutions are common, and some studies also include in vivo
tests in mice, which cover more biological effects than the in vitro ones.
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There are several alloys already used as biomedical implants. One of the most used
alloys is Ti6Al4V [29], also known as Ti64, and thus, it is frequently used for comparison
when alternatives are being sought. Although common, there is still room for improvement
in both its mechanical and tribological properties, stress shielding, and the presence of
cytotoxic elements inherent to Ti6A4lV. Such disadvantages are being tackled by the devel-
opment of novel biomedical high-entropy alloys, where several mechanical and tribological
properties can be improved dramatically, while retaining excellent biocompatibility.

Since 2004, there has been an exponential increase in the number of published papers
on high-entropy alloys [6,8–11,30,31]. Although most of the literature pertaining to high-
entropy alloys is focused on structural application under a wide range of environments,
it did not take long until applications for medical implants began to be considered. Next,
some recent developments in this field are described and discussed.

2.1. Comparison of Mechanical Properties for Bone Implants

First, we have biocompatibility factors limiting the elements that are usable in the
material, e.g., the requirement of high yield strength and ductility to support heavy and
cyclic loads during long-term usage, corrosion, and wear resistance and the need for a low
Young’s modulus to avoid stress shielding, as detailed above.

Below, a list of high-entropy alloys studied for possible biomedical applications is
presented (refer to Table 1). In this list, only high-entropy alloys that already had their
mechanical properties determined (i.e., Young’s modulus, yield strength, and ductility) are
presented. Given the biocompatibility of the constituent elements in Table 1, an efficiency
function (i) is presented for the mechanical properties and is obtained considering the ratio
between a material’s resilience modulus Ur, and (E − EBone), where E is the alloy’s Young
modulus and EBone is the corresponding elastic modulus of the bone. To simplify, EBone will
be regarded as the average value of 20 GPa [25]. This is an attempt to rank and order the
data for an approximation of the desired and ideal mechanical properties. Thus, we define

Ur =
(Yield strength)2

2E
(10)

i =
(Yield strength)2

2E
(E − EBone)

(11)

It is worth noting that the simplicity of such a function and its linearity will not factor
in any diminishing contributions either from yield stress or from Young modulus above or
below ideal values, for the appropriate application, meaning it will not effectively measure
the mechanical performance within the necessary and reasonable parameters, since those
parameters differ with each biomedical application scenario.

For instance, selective laser melted Ti1.4Nb0.6Ta0.6 Zr1.4Mo0.6 [32] displays a yield
strength of about 1690 MPa, which for some applications might prove to be unnecessarily
high, in detriment to some other alternative with less, yet sufficient, yield strength and
ductility, but with better (i.e., lower) Young modulus values to avoid stress shielding, for
example, for young patients whose bone will need to regenerate at an acceptable rate for
far longer. Table 1 summarizes the mechanical properties of some of the recently developed
high-entropy alloys targeting biomedical applications.
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Table 1. Known materials for medical implants and some recently developed biomedical high-entropy alloys.

Material Condition E (GPa)
Yield Strength

(MPa)
Ductility (%)

Efficiency Function i
(10−5)

Ti-6Al-4V (ELI) * Mill annealed [25,33] 110 850–900 10–15 3.87
Equimolar TiZrNbTaMo As-cast arc-melted [34] 153 1390 ± 75 εp ≈ 6 4.75

Ti1.4Nb0.6Ta0.6 Zr1.4Mo0.6
Selective laser melting

[32] 140 ± 9 1690 ± 78 εt = 1.32 ± 0.19 8.50

Equimolar TiZrHfNbTa

As-cast arc-melting in a
Ti-gettered high-purity

Ar atmosphere [35].
Remelted at least 6 times

to ensure chemical
homogeneity

103 1200 12 8.42
TiZrNbTa
(Alloy 1) 89 970 23 7.66

Ti6.3Zr6.3Nb6.3Ta (Alloy 2) 75 790 29 7.56
Ti7Zr7Nb5Ta (Alloy 3) 69 780 26 9.00
Ti9Zr9NbTa (Alloy 4) 57 690 24 11.29

TiZrNbTa1.62 (Alloy 5) 93 1050 12.7 8.12
TiZrNb2.33Ta2.33 (Alloy 6) 135 970 12.5 3.03

Ta0.7HfZrTi 77 1046 14.31 12.46
Ta0.8HfZrTi 85 1120 4.63 11.35

(TaNb)0.6HfZrTi 73 880 19 10.01

* ELI = Extra Low Interstitials, referring to grade 23 of Ti-6Al-4V.

Not all high-entropy alloys from the work done by Yuan et al. [35] are referred in
Table 1. Only the ones with more promising mechanical characteristics were chosen,
although it is worth noting that the high-entropy alloys with HCP or HCP + BCC structures
in Yuan’s work all exhibited a relatively poorer mechanical performance if we take all
the three characteristics (Young modulus, yield strength, and ductility) into consideration.
The values for yield strength and ductility are obtained from tensile tests in the case of
Yuan et al. work. Ti6Al4V is also presented for comparison, and we can see that apart
from Alloy 6 [35], all other high-entropy alloys present a better efficiency function i, and
most of them also have a better overall performance if you factor in ductility. There is no
constituent element in these HEAs that has any cytotoxicity individually.

In the TiZrNbTa system, high values of Ti and Zr not only led to low values of the
Young’s modulus but also had lower yield strength compared to alloys 1 and 5. High
values of Nb and Ta (alloy 6) had a sharp increase in Young modulus with only a slight
decrease in yield strength.

In the TaxHfZrTi system, a single BCC structure was observed only for x = 0.7, 0.8,
and 1, and the last two had lower ductility (<5%). As such, Ta0.7HfZrTi was the alloy with
the highest i value, having a good combination of Young modulus and yield strength.

From the (TaNb)xHfZrTi system, where x = 0, 0.2, 0.4, 0.5, 0.6, 0.8, and 1, which was
experimentally tested in Yuan et al. [35], only x = 0.6 and x = 1 are in the table, since all
other conditions had higher Young’s modulus, similar yield strengths, and lower ductility
(except for x = 0.2, which had 32.5%).

Both selective laser melted Ti1.4Nb0.6Ta0.6 Zr1.4Mo0.6 and equimolar TiZrNbTaMo
have shown a rather small ductility (εt = 1.32% and εp ≈ 6%, respectively) compared to the
rest of the materials in Table 1 (excluding the Ta0.8HfZrTi configuration). Wang et al. [34]
suggests that brittleness and limited plasticity under deformation warrants further devel-
opment of this system, away from equiatomic compositions.

More developments that have been occurring in this field, but that are not included in
Table 1, are discussed below.

Gurel et al. [36] explored the TiTaHfNb, TiTaHfNbZr, and TiTaHfMoZr systems in
terms of mechanical properties and fracture behavior under impact loading (Charpy V-
notch test). All three BCC-structured alloys show a relatively lower Young’s modulus when
compared to more conventional implants. TiTaHfNb high-entropy alloy (composition
of Ti77.11Ta6.54Hf6.63Nb12.73, in at.%) had the highest energy absorption capacity and
highest ductility, out of the three systems, and under impact loading, significant difference
has been observed in the dislocation activity in the microstructure when adding both
Zr and Mo to the system. Both elements had negative impact in terms of the energy
absorption and brittleness of the TiTaHfNb and TiTaHf alloy systems. With a composition
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of Ti77.11Ta6.54Hf6.63Nb12.73, this high-entropy alloy has a measured Young modulus of
112.2 GPa, a Charpy V-notched average impact energy of 14.8 J, and a hardness value of 3.5
GPa (using a Berkovich type indenter).

The TiTaHfNbZr system was also studied by Yang et al. [37]. An equiatomic composi-
tion processed by usual vacuum arc melting under a Ti-gettered Ar atmosphere, was tested
for its biocorrosion behavior in a simulated physiological environment and in vitro bio-
compatibility. It showed a passivating behavior with low passive current density of about
0.08 × 10−2 A/m2 (0.07 × 10−2 A/m2 for Ti6Al4V), a corrosion rate of 5.6 × 10−4 mm/year
(5.9 × 10−4 mm/year for Ti6Al4V), and high electrochemical impedance in Hank’s solution
at 310 K. MTT assay results for MC3T3-E1 cell-proliferation activities on the TiZrHfNbTa
HEA and Ti-6Al-4V alloy after 1, 3, 5, and 7 days of incubation show that the high-entropy
alloy has a slightly better cell viability, although not statistically significant. The authors
did not mention this, but as seen in this review, there are several alternatives to this system
and composition that reveal better biocompatibility when compared to the commercial
Ti6Al4V, not to mention the high cost of constituent elements such as Hf.

A variant of the TiTaHfNbZr high-entropy alloy, Ti1.5ZrTa0.5Hf0.5Nb0.5 (with the
equimolar sample named RHEA1 (refractory high entropy alloy) and the non-equimolar
one being RHEA2) has been experimentally tested, and its properties were compared to that
of the conventional 316 L stainless steel, CoCrMo, and Ti6Al4V alloys, namely in terms of
wear resistance, wettability, pitting, and general corrosion resistance [38]. With a continuous
passive plateau up to 1800 mVAg/AgCl without the pitting effect and more positive Ecorr
and lower Icorr than that of Ti6Al4V (which starts gradually exhibiting pitting corrosion
behavior at 863.0 mVAg/AgCl), this alloy shows considerably higher pitting corrosion
resistance and general corrosion resistance. Compared to its equimolar counterpart, the
Ti1.5ZrTa0.5Hf0.5Nb0.5 has a significantly thicker corrosion-resistant barrier oxide film,
which is attributed to a higher content of electronegative elements such as Ti and Zr and
also a lower lattice strain (0.0037, compared to the 0.0306 from the equimolar counterpart,
which is connected to the higher amount of differently sized elements such as Hf, Nb,
and Ta). The contact angles measured in the sessile drop test with phosphate buffered
saline (PBS) for 316 L, CoCrMo, Ti6Al4V, RHEA1, and RHEA2 were 75.4, 73.3, 56.9, 59.5,
and 61.9◦, respectively, showing a similar wettability with Ti6Al4V, and a superior one
to 316 L and CoCrMo. Its elastic modulus (E) and hardness (H) were 98.57 and 3.02 GPa,
respectively. This hardness value was taken after a pile-up correction made using AFM 3D
imaging after nanoindentation tests. This pile-up was observed to be higher in intensity
on the conventional materials than on both high-entropy alloys. The wear resistance was
inferred trough H/E and H3/E2 ratios, shown in Table 2 and found to be better than the
316 L, CoCrMo, and Ti6Al4 materials. With a superior wear resistance, similar wettability,
lower Young’s modulus, and significantly better corrosion resistance, this high-entropy
alloy system’s configuration (Ti1.5ZrTa0.5Hf0.5Nb0.5) has shown promising potential in the
biomedical field and warrants further investigation into its biocompatibility.

Table 2. Mechanical properties of 316 L, CoCrMo, Ti6Al4V, RHEA1 (TiZrTaHfNb equimolar sample)
and RHEA2 (Ti1.5ZrTa0.5Hf0.5Nb0.5 non-equimolar sample) measured by nanoindentation after
applying a pile-up correction (from [38]). Reprinted with permission from Elsevier: Intermetallics,
Copyright 2021, License: 5044280969444.

Alloy H (GPa) E (GPa) H/E H3/E2

316 L 2.44 ± 0.18 195.62 ± 9.32 0.012 0.00038
CoCrMo 4.21 ± 0.15 222.72 ± 6.70 0.019 0.0015
Ti6Al4V 3.32 ± 0.15 128.20 ± 8.14 0.026 0.0022
RHEA 1 3.14 ± 0.12 112.74 ± 4.66 0.028 0.0024
RHEA 2 3.02 ± 0.11 98.57 ± 4.18 0.031 0.0028

Based on the TiNbTaZr system, Todai et al. [39] designed a TiNbTaZrMo alloy from
several TiNbTaZrX alternatives (X = Cr, V, Mo, W, Fe), using some parameters in the
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literature (ΔSmix, ΔHmix, δ, Ω, and VEC). The authors found that the Cr, V, and Fe options
had a large atomic size difference, from the δ parameter. Mo and W, however, had a high
possibility for the formation of a solid solution, and Mo was eventually chosen for the fact
it was selected in conventional metallic biomaterials [40–44]. The TiNbTaZrMo system was
similar in its elemental segregation in the DR/IR (dendrite/inter-dendrite) zones both in
its as–cast and annealed form, but both mechanical and biocompatibility tests have shown
what was stated to be promising potentials for HEAs in the biomedical sphere. Next are
two studies on this system, discussing possible property trends in composition shifts.

Nagase et al. [45] explored the TiNbTaZr and TiZrHfMo systems, designing and
producing TiZrHfCr0.2Mo and TiZrHfCo0.07Cr0.07Mo systems (arc melted), and comparing
them to TiNbTaZr and TiNbTaZrX (X = V, Mo and W) in terms of hardness, and to 316 L,
CoCrMo, and CP-Ti in terms of biocompatibility (cell density on osteoblast cultivation
for 24 h). Both TiZrHfCr0.2Mo and TiZrHfCo0.07Cr0.07Mo were found to have a hardness
of 531 and 532 HV, respectively, while having a lower liquidus temperature, TL, than the
TiNbTaZr and TiNbTaZrX counterparts. The cell density evaluations have shown that
both the produced high-entropy alloys presented a lower, yet statistically similar, level of
biocompatibility.

Akmal et al. [46] studied the (MoTa)xNbTiZr (TiZrNbTaMo) system for various values
of x. A critical concentration of x = 0.4 was determined, where higher concentrations of
Mo and Ta led to increasing brittleness and elastic modulus and decreasing ductility. The
optimal concentration was found to be x = 0.2. The in vivo biocompatibility tests and the
soft tissue response of the alloy (x = 0.2) showed no signs of toxic response in the performed
tests. The electrochemical behavior in PBS at room temperature showed superior corrosion
resistances relative to the commercial 316 L stainless steel, with passivity values of 1.2 V
without signs of pitting.

Variants of the TiZrNbTaMo system were also studied by Hua et al. [47] with a molar
ratio of 0.5, 1, 1.5, and 2 for the Ti concentration. These high-entropy alloys showed
a dendritic structure with two BCC solid solution phases. The 0.5 Ti molar ratio alloy
presented a hardness of about 500 HV and a compressive strength of nearly 2600 MPa, a
plastic strain of over 30%, and the best corrosive wear resistance among the four alloys
studied. This molar ratio had a rather coarsened dendrite structure relative to the rest in this
study. The increase in Ti was also linked to the formation of short and round dendrite arms,
attributed to the increasing fraction of the low-melting-temperature element. Corrosion
wise, the alloys tested presented similar corrosion current densities in PBS solution and
better corrosion potentials, meaning higher passivation film stability. XPS results show
mainly Ti4+, Zr4+, Nb5+, Ta5+, Mo4+, and Mo6+ oxides in the surface film of the HEAs.
The literature indicates that high concentrations of Ti, Zr, and Nb can lead to passivation,
protecting the bare metal from corrosion [38,48], and uniform distribution of Mo across
different phases is also linked to dense and stable passivation films [49].

2.2. Coatings

Aside from producing bulk high-entropy alloys, some researchers have also devoted
their time and efforts to develop these alloys via coating-based technologies. These are
discussed now.

Braic et al. [26] took on TiZrNbHfTa-based system coatings, (TiZrNbHfTa)N and
(TiZrNbHfTa)C, and investigated their biocompatibility. These were, as stated, the first
high-entropy alloy coatings to be considered as biomaterials. The produced films were
found to be composed of simple FCC solid solutions with a (111) preferred orientation.
Simulated body fluid (SBF) testing revealed the carbide coating with the highest non-metal
to metal ratio (carbon/metal ≈ 1.3) to have the highest hardness (≈31 GPa), best friction
behavior (μ = 0.12), and the highest wear resistance. Biocompatibility tests have also
shown good adherence from osteoblast cells to the coating with no cytotoxic responses
and a very high ratio of live cells compared with those that were found dead for all the
investigated groups.
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In 2019, Tüten et al. [50] followed a previous study that first explored radio frequency
(RF) magnetron sputtering using TiTaHfNbZr equimolar targets on NiTi substrates, but did
not the analyze wear and corrosion resistances [51]. Tüten studied the equimolar TiTaHfN-
bZr high-entropy alloy thin film deposited on a Ti6Al4V substrate by RF magnetron
sputtering. The coating exhibited high hardness and elastic modulus (12.51 ± 0.34 GPa
and 181.3 ± 2.4 GPa, respectively), with enhanced results in wear resistance and coeffi-
cient of friction. The small grain size and uniform amorphous structure were attributed
as the main strengthening mechanisms, corroborating previous studies on the hardness
enhancement in amorphous-structured films [52,53]. This study corroborated an inverse
trend observed in thin films, where increased surface roughness led to a lower coefficient
of friction and wear rate, suggesting that further work must be done to address this.

Guo et al. [49] used a cluster-plus-glue-atom model to successfully design a refractory
high-entropy alloy, (TiZrNb)14SnMo both in bulk (via vacuum arc melting) and as a coating
in a pure-Ti substrate (via laser cladding). The TiZrNb system used an average virtual
element M as solvent, since they have weak interactions between them, and then used Sn
and Mo as the cluster-center solute atom and glue atom, respectively, since out of the two,
Sn has the strongest interactions with the average virtual element’s constituents (Ti, Zr, and
Nb). The bulk high-entropy alloy consisted of both BCC dendritic phase and rod-like HCP-
(Sn, Zr) ordered phase. The coating had reduced elemental segregation between dendrite
(DR) and inter-dendrite (IR), as expected, and so, this ordered phase was fully restrained
in the as-clad coating. The coating had a lower Young’s modulus (EDR = 97.9 GPa and
EIR = 88.6 GPa) than its bulk counterpart (EDR = 116.65 GPa and EIR = 110.47 GPa).
Wear rate, corrosion, wettability, and cell adhesion tests were performed. Both bulk and
coating outperformed Ti6Al4V on all those tests. For example, the coating’s wear volume
loss was less than a third of that of Ti6Al4V and with almost double the cell covering area
ratio for the 7 days of cell culture for the growth morphology test of MG-63 cells, indicating
an excellent candidate for a biomaterial. Both the coating and bulk refractory high entropy
alloys (RHEAs) revealed high hardness.

2.3. Elemental Homogenization

Alternative processing routes are also being explored to enhance the properties of
high-entropy alloys via elemental homogenization of the microstructure, as will be dis-
cussed now.

Perumal et al. [54] used stationary friction processing (SFP) on a MoNbTaTiZr HEA,
managing to homogenize surface-level elemental distribution to a degree of efficiency
not possible by annealing. In about 15 min, they achieved a level of elemental homoge-
nization across dendritic and inter-dendritic regions equivalent to an annealing treatment
at 1275 K for a whole week. Biocorrosion resistance tests have shown a near sixfold in-
crease compared to the as-cast counterpart, with a similar result for biocompatibility tests,
which indicates higher viability compared to both the as-cast counterpart and the more
conventional biomaterials such as 316 L stainless steel and Ti6Al4V.

In hopes to improve the microstructure’s homogeneity, powder metallurgy (PM)
routes have also been tried [55]. Popescu et al. explored the TiZrNbTaFe system with
PM method and further corroborated the findings that additions of Nb and Zr to a Ti
matrix lead to the formation of a multicomponent alloy with an extremely high resistance
to active and passive dissolution in acids, as stated by Yu et al. [56]. The corrosion rates
were notably better than that of Ti6Al4V, but direct comparisons to its as-cast counterpart
was not experimentally made. It does, however, suggest some potential in TiZrNbTaFe
systems for biomedical applications. Although some useful information was found in this
work, there was no elemental analysis of the resulting microstructure to be able to compare
the effect on segregation mitigation against other processing routes.

Selective laser melting has also received some attention for its high cooling rate
characteristics [32,57]. Ishimoto et al. compared an as-cast and a selective laser melting built
Ti1.4Nb0.6Ta0.6Zr1.4Mo0.6 high-entropy alloy [32]. The two differed both in microstructure
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and mechanical properties. The additively manufactured alloy had a very low level of
elemental segregation compared to the as-cast counterpart. The dendrite structure was
compared for chemical composition and results are shown in Table 3. Compared to the as-
cast counterpart, the selective laser melted part also showed improved osteoblast adhesion,
better compressive yield strength (1690 from 1140 MPa), and a true strain at break of
1.32 ± 0.19%, this was attributed to the very refined microstructure induced by the high
cooling rate induced by selective laser melting.

Table 3. Comparison of the local chemical composition (at.%) of a selective laser melting (SLM) and
as-cast Ti1.4Nb0.6Ta0.6Zr1.4Mo0.6 biomedical high-entropy alloy (from [32]).

In at.%. Ti Nb Ta Zr Mo

Nominal concentration 30.4 13.0 13.0 30.4 13.0

SLM
Dendrite 30.7 12.0 13.0 30.7 13.7

Inter-dendrite 31.4 10.9 10.7 34.3 12.6

As-cast
Dendrite 26.8 16.6 22.6 17.3 16.9

Inter-dendrite 30.8 11.5 8.66 38.3 10.6

2.4. Biocompatibility Studies

Thus far, most the evaluation of biomedical high-entropy alloys primarily focused on
its mechanical properties and phase stability. However, some recent works have studied
the in vivo and in vitro properties of these novel engineering alloys.

Akmal et al. studied the in vivo biocompatibility of alloys from the Mo–Ta–Nb–Ti–
Zr system [46]. When their optimized alloy, the selection of which was made based on
mechanical properties, was used as implant in mice, it was observed that no muscle damage
or adverse effects due to potential toxicity problems occurred. Importantly, one of the key
conclusions from Akmal et al.’s work concerns the fact that, for this alloy system, such
impacts can be considered as safe as those of key biomedical materials such as NiTi shape
memory alloys or Ti–6Al–4V alloys. Yang et al. evaluated the in vitro compatibility of a
TiZrHfNbTa high-entropy alloy [37]. Good cell adhesion, viability, and proliferation of
the MC3T3-E1 cells used in this study highlighted the potential of such an alloy to be
used in biomedically oriented applications. Wang et al. studied the biocompatibility of a
Ti40Zr20Hf10Nb20Ta10 high-entropy alloy for human gingival fibroblasts [58]. Overall, no
cytotoxicity was demonstrated when the alloy was in contact with live tissue. Moreover,
compared to its TiZrHf counterpart, the TiZrHfNbTa alloy exhibited improved proliferation
of fibroblasts, which translates to better biocompatibility properties.

The lack of systematic studies on the biocompatibility of potential biomedical alloys is
something that is expected to be addressed soon given the extraordinary properties of these
materials. Up to now, these materials are primary candidates for biomedical applications
but need further verification to establish their boundaries of application.

3. Conclusions

Several biomedical-oriented high-entropy alloys are now being developed, uncovering
the vast pool of compositional possibilities. Existing ones still have a long way to go
in their development, be it in processing method, composition, and even compatibility
between components in the case of coating technologies. There are an increasing number
of relevant parameters that help in the design of these materials. The entropy ΔSmix and
enthalpy ΔHmix of mixing [1]; the atomic size difference, δ [13], ST , SE, and SC [14,15]; the
Φ parameter [16]; and VEC are still the most used, but cluster-plus-glue-atom models are
also being successfully applied [49].

In this short overview, a range of mechanical properties of several biomedical high-
entropy alloys were compared and ranked with a proposed efficiency function, i. Ti9Zr9NbTa
(i = 11.29), Ta0.8HfZrTi (i = 11.35), and Ta0.7HfZrTi (i = 12.46) were at the top, with
Ta0.8HfZrTi having a relatively lower ductility. By comparison, Ti6Al4V had an i = 3.87.
It must be noted that this list is very short, since the amount of standardized information
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regarding basic mechanical properties such as yield strength, Young’s modulus, and ductil-
ity are not yet abundant in the literature, since most studies focus on other pressing issues
such as corrosion behavior and biocompatibility. Therefore, finding reliably comparable
data is not elementary. It is to be noted, however, that most biomedical high-entropy alloys
discussed here have superior mechanical behavior than the commercially available Ti6Al4V,
316 L stainless steel, and CoCrMo alternatives.

Rapid cooling seems to be a standard goal for most processing methods due to the
advantages in suppressing elemental segregation [10,32,49]. Rapid cooling processes such
as selective laser melting are receiving some attention for that reason, resulting in grain
refinement and enhanced solid solution strengthening [57]. While coating production does
not have the same cooling speed as those found during selective laser melting, interesting
properties are still obtained in the materials obtained by these methods.

Other approaches have been made to mitigate elemental segregation, including the
powder metallurgy route by Popescu et al. [55] and stationary friction processing by
Perumal et al. [54]. It is worth nothing that the latter had biocorrosion resistance tests
show a near sixfold increase compared to the as-cast counterpart (MoNbTaTiZr system).
Therefore, elemental homogenization is indeed a relevant part in further improving both
high-entropy alloys and their associated biomedical properties.

In summary, the future of biomedical high-entropy alloys is promising, though there
is a need for a more in-depth analysis of the microstructure/properties relationships for
these alloys.
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Abstract: Strengthening high entropy alloys (HEAs) via second phases is a very effective approach.
However, the design of intermetallic (IM) phases in HEAs is challenging, mainly because our
understanding of IM phases in HEAs is still very limited. Here, a statistical approach is used to
enhance our understanding towards IM phases in HEAs. A database consisting of 142 IM-containing
HEAs was constructed. Our aim is twofold. The first is to reveal the most common IM phase
types in published HEAs. The second is to understand whether HEAs inherit their IM structures
from their binary/ternary subsystems, or whether they tend to form new structures irrelevant to
their subsystems. The results show that the five most prevalent IM structures in the HEAs surveyed
here are Laves, σ, B2, L12, and L21. This trend is evidently different from the overall trend among
known binary/ternary IMs. As for structural inheritance, all the IM phases contained in the alloys
are existing structures in the binary/ternary subsystems of the respective alloys. This suggests that
the compositional complexity in HEAs does trigger additional complexity in IM structure formation.
These findings have important implications in the future design and development of HEAs.

Keywords: high-entropy alloys; intermetallic; alloy design; phase stability

1. Introduction

High-entropy alloys (HEAs) have attracted significant attention in the past decade [1–3].
The formation of simple solid solutions (SSSs) in these complex alloys is unexpected and intriguing.
Thus, a lot of effort in the HEA community has been devoted to the design and physical metallurgy
of SSS HEAs [4–11]. Studies have shown that these alloys do have unusual properties [12–16].
However, their room temperature mechanical properties are often not as pleasing. In particular,
the strengths of FCC alloys are often insufficient [17,18].

A very effective approach for strengthening alloys is the incorporation of second phases.
Therefore, recently, some researchers proposed that instead of focusing on SSS alloys, more attention
should be paid to HEAs that contain intermetallic (IM) phases [2,19,20]. In fact, incorporating
second phases was even considered one of the three key strategies for the future development of
HEAs [21]. Indeed, experimental results have shown that IM phases can improve the mechanical
properties of HEAs. For example, the outstanding wear resistances in the Al0.2Co1.5CrFeNi1.5Ti and
Al0.3CrFe1.5MnNi0.5 alloys are the results of the formation of η and σ phases, respectively [22,23].
Very recently, it has been demonstrated that through carefully designed second phases, high strength
and good ductility can even be achieved simultaneously [24–27]. For instance, the (FeCoNiCr)94Ti2Al4
alloy shows a yield strength of over 1 GPa, while keeping a high tensile ductility of 17%. This is due to
the engineering of γ’ precipitates through various thermomechanical processes [24].
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However, the tailoring of IM phases in HEAs for property enhancement is still very challenging.
This is because compared with SSS phases; our fundamental understanding of IM phases in HEAs is
still very limited. For example, there have been more than 20 publications regarding the formation
criterion and stability of SSS phases in HEAs [6,28–31], although some of the earlier works have limited
accuracy due to imprecise experimental data. In contrast, papers discussing IM phases in HEAs
are very rare. Currently there are only one criterion on the general selection of IM phase type [32],
and three stability criterions on two specific IM phase types (σ and Laves phases) [33–35].

To predict the stability of IM phases in HEAs, the reasonable first step is to identify the types
of phases that could form in the alloy, and then compare the relative stabilities of these candidates.
However, even the first step is difficult. Unlike the case in SSS phases, where only three types of
structures are concerned (FCC, BCC, and HCP), there are more than two thousand structure types for
IM phases [36]. A plausible assumption is that the candidate IM phases in HEAs are the IM phases in
their subsystems (for quinary HEAs this means all quaternary, ternary, and binary subsystems). This is
similar to the case in many ternary systems, where the IM phases are all inherited from the three binary
subsystems. Nevertheless, even in ternary alloys this assumption is not necessarily true (i.e., there
could be new structures that do not exist in the three binary subsystems). In HEAs, the composition is
apparently more complex, which renders the above assumption even more questionable. In addition,
in HEAs a new class of IM phases called high entropy intermetallics (HEI) have been reported [21].
These new IM phases show completely new compositions that have not reported before, which further
complicates the determination of the candidate IM phases.

This work is the first part of an attempt to understand the IM phases in HEAs from a macroscopic
viewpoint. A database of 142 IM-containing HEAs is constructed. Care is taken to reduce alloys with
similar composition so that the diversity in the database is enhanced. The alloys and their respective
IM structures are statistically analyzed. Our goal is twofold. The first is to reveal the most common
IM phase types in HEAs. The results in HEAs are then compared with the general trends in binary
and ternary IM phases and discussed. The second is to understand the inheritance of IM structures in
HEAs. The IM structure types in the HEAs are compared with those in their subsystems to see if the
structures are inherited from the subsystems of the alloys. The frequency which irrelevant (i.e., not
existing in corresponding subsystems) structure types occur is also probed and discussed.

2. Construction of the Alloy Database

The HEAs in this research were collected using the following principles:
(1) Only alloys that contain IM phases were collected because our target is the IM phases.
(2) Alloys that have unidentified or uncertain IM phase types were excluded. In other words,

either the formula (e.g., Fe2Ti) or the common/trivial name (e.g., σ) of all the compounds in the alloy
has to be reported. This is because including these alloys leads to difficulty in our analysis.

(3) Alloys with similar composition and identical IM phase constituents were listed only once
(i.e., only one of the alloys was included). Two alloys are considered to have similar compositions
if they have the same composing elements, and only the relative concentrations of the elements
are different. This is because many studies fabricate series of alloys by systematically changing the
content of a particular element. For example, He et al. [37] conducted detailed study on the effect of Al
on the structure and properties of AlxCoCrFeMnNi alloys. They fabricated a total of 14 alloys (x = 0.02,
0.03, 0.04, 0.08, 0.09, 0.1, 0.11, 0.12, 0.14, 0.15, 0.16, 0.18, 0.19, and 0.25). Ten of the 14 alloys have the
same IM phase constituent: B2. This similarity is not surprising; the alloys are composed of the same
elements and the relative concentrations of these elements do not change significantly. If these alloys
are all included, they and the IM phase they contain will have an unreasonably high weighting in the
database, which will lead to biased results in subsequent analyses. Therefore, only one of the ten alloys
was included in the database.

(4) If the same alloy contains different IM phases under different processing
conditions, each condition with different IM phase constituents will be recorded separately.

20



Metals 2019, 9, 247

However, in subsequent analyses these phases will be combined into one entry and counted only once.
Assume the phase constituent of an alloy in the as-cast, 1100 ◦C annealed, and 900 ◦C annealed states
are (α, β), (α, β, γ), and (α, δ), respectively. These three states will all be recorded in the database.
However, when calculating, for example, the number of occurrences for each IM phase, the three
records will be combined. The alloy will be regarded as containing four phases (α, β, γ, and δ) and
counted only once.

Based on the above principles, a total of 142 IM-containing HEAs with sufficient compositional
distinction are collected. These principles enhance the diversity of our database, and can markedly
reduce the bias from compositional repetition. As an example, Miracle and Senkov published a
comprehensive review on HEAs recently [3]. In their review, an HEA database with a total of
408 unique alloys was constructed. 247 of the 408 alloys contain IM phases. However, using the
above principles, only 74 of the 247 alloys (~30%) will be included our database—70% of the alloys are
excluded because of compositional similarity. This clearly shows the efficacy of the above principles.

3. Results and Discussion

3.1. Characterization of the Database

Table 1 shows the alloy database constructed in this research. It lists the composition, processing
condition, and the solid solution and IM phases of each alloy. The abbreviations used in Table 1 are
explained in the footnote of the table. Because the target of this research is the IM phase, each IM phase
in the alloy is listed in a separate row. Three types of structure information are recorded (if possible).
The first is the phase name. This is the common name for each structure (if it exists). Common name
are either based on Strukturbericht notation or common trivial names [38] for certain structure types
(most notably the topologically closed packed phases). For example, B2 is the Strukturbericht notation
for cP2-CsCl and σ is the trivial name for tP30-CrFe. The second is the compound name reported in the
original work (if reported). The third is the structure prototype of the phase. In many cases, the original
publication only reports the common name of the phase without indicating the exact compound.
In such cases the “compound reported” column will be left empty. Contrarily, if only the compound
is reported, the common name of the phase will be identified based on the structure prototype.
Moreover, to probe the structural inheritance in the alloys, the binary and ternary subsystems of each
alloy are examined using various handbooks [39–41] to see whether the observed IM phases already
exist in the subsystems. Binary subsystems are examined first. If the target IM phase can be found in
any of the binary subsystems, the search is stopped and the subsystem will be recorded in the “IM
Structure Found in” column. If the IM phase does not exist in any binary subsystem, the search will be
continued in ternary ones and then recorded (if found). It should be noted that one IM phase can often
be found in multiple subsystems. However, due to space limit only one of the subsystems is recorded.
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Table 1. Composition, processing condition, phase constituents, and structural inheritance of the
142 IM-containing HEAs considered in this study.

Alloy Composition Processing
Condition 1

Solution
Phases 2

IM Phases 3 IM
Structure
Found in

Ref

PhaseName
Compound
Reported

Structure
Prototype

AgAlCoCrCuNi AC F, B B2 - CsCl Al-Ni [45]

Al0.5BCoCrCuFeNi AC F
C32 CrB2 AlB2 B-Cr

[46]
L12 - Cu3Au Al-Ni

AlB0.5CoCrCuFeMoNiSiTi AC + 1173K B B2 - CsCl Al-Ni [47]

Al0.3C0.1CoCrFeNi

AC F - (Cr, Fe)7C3 Cr7C3/Mn7C3 C-Cr [48]

AC + 1273K/72h F D84 (Cr, Fe)23C6 Cr23C6 C-Cr [48]

AC + 973K/72h F
- (Cr, Fe)7C3 Cr7C3/Mn7C3 C-Cr

[48]
D84 (Cr, Fe)23C6 Cr23C6 C-Cr

Al0.5C0.2Co0.3CrFeNi MA + SPS(1273K) F, B
D84 Cr23C6 Cr23C6 C-Cr

[49]
B2 - CsCl Al-Ni

AlCoCrCuFe SPS(1173K) F
B2 - CsCl Al-Co

[50]
σ - CrFe Cr-Fe

Al4(CoCrCuFeMnNiTiV)96 AC B D022 Al3Ti Al3Ti Al-Ti [51]

AlCoCrCuFeMo0.2Ni Sinter(773K/0.5h) +
1573K/2h F, B σ - CrFe Cr-Fe [52]

Al8Co17Cr14Cu8Fe17Mo0.1Ni34.8TiW0.1 AC F L12 - Cu3Au Al-Ni [53]

Al0.5CoCrCuFeNi
AC + CR + 1373K/5d F-1, F-2, B L12 - Cu3Au Al-Ni [54]

AC + CR + 973K/5d F-1, F-2, B σ - CrFe Cr-Fe [54]

AlCoCrCuFeNi AC F
B2 - CsCl Al-Ni

[55]
L12 - Cu3Au Al-Ni

Al0.2CoCrCu0.8FeNiSi0.2 AC F L12 - Cu3Au Al-Ni [56]

Al0.8CoCrCu0.2FeNiSi0.2 AC B B2 - CsCl Al-Ni [56]

Al0.5CoCrCuFeNiTi AC F, B-1, B-2 σ CoCr CrFe Co-Cr [57]

Al0.5CoCrCuFeNiTi1.2 AC F, B-1, B-2
σ CoCr CrFe Co-Cr

[57]
N/A Ti2Ni Ti2Ni Ni-Ti

Al0.5CoCrCuFeNiTi2 AC F, B-1, B-2
B2 - CsCl Al-Ni

[57]
N/A Ti2Ni Ti2Ni Ni-Ti

Al0.5CoCrCuFeNiV AC F, B σ - CrFe Cr-Fe [58]

Al0.4Co6Cr7.5Cu2Mn8.1Ni32.2Sn0.3Ti12V10Zr21.5 AC
C14 - MgZn2 Al-Zr

[59]B2 TiNi CsCl Ti-Ni

N/A Zr7Ni10 Zr7Ni10 Ni-Zr

AlCoCrCuMnTi AC F, B-1, B-2 L21 - AlCu2Mn Al-Cu-Mn [60]

AlCoCrCu0.5Ni AC F, B B2 - CsCl Al-Ni [61]

AlCoCrCuNiTiY AC F, B
N/A Cu2Y KHg2 Cu-Y

[62]
L21 AlNi2Ti AlCu2Mn Al-Ni-Ti

Al0.15CoCrFeMnNi AC F, B B2 - CsCl Al-Ni [37]

Al10Co20Cr10Fe26Mn14Ni10Ti10 AC + 973K/24h/WQ F
χ - Ti5Re24 Ti-Cr-Fe

[34]
L21 - AlCu2Mn Al-Co-Ti

Al0.4CoCrFeMnNiV AC + 973K/20h/AQ σ - CrFe Cr-Fe [33]

AlCoCrFeMo0.5 AC
B2 - CsCl Al-Co

[63]
σ - CrFe Cr-Fe

AlCoCrFeMo0.5Ni AC
B2 - CsCl Al-Ni

[63]
σ - CrFe Cr-Fe

AlCoCrFeNb0.5Ni AC B C14 (Co, Cr)2Nb MgZn2 Co-Nb [64]

Al0.3CoCrFeNi

AC + CR(20%) +
1473K/0.5h/WQ +

823K/150h/WQ
F L12 - Cu3Au Al-Ni [44]

AC + CR(20%) +
1473K/0.5h/WQ +

973K/50h/WQ
F B2 - CsCl Al-Ni [44]

Al0.3CoCr2FeNi AC + 973K/20h/AC F, B σ - CrFe Cr-Fe [33]

Al2CoCrFeNiSi CL B B2 - CsCl Al-Ni [65]

AlCo0.6CrFe0.2NiSiTi0.2 AC B A15 Cr3Si Cr3Si Cr-Si [66]

Al4(CoCrFeNi)94Ti2
AC + 1473K/4h +
CR(30%) + 1273K
/2h + 1073K/18h

F
L12 - Cu3Au Al-Ni

[24]
L21 - AlCu2Mn Al-Ni-Ti

Al16.5Co22.5Cr5Fe12.5Ni30Ti13.5 AC + 973K/24h/WQ F L21 - AlCu2Mn Al-Ni-Ti [34]

Al0.5CoCrFeNiTi0.5 AC F, B
B2 - CsCl Al-Ni

[67]
σ - CrFe Cr-Fe

Al0.5CoCrFeNiTi AC B-1, B-2
B2 - CsCl Al-Ni

[68]
C14 - MgZn2 Cr-Ti
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Solution
Phases 2

IM Phases 3 IM
Structure
Found in

Ref

PhaseName
Compound
Reported

Structure
Prototype

Al0.5CoCrFe2NiTi0.5 AC F, B B2 - CsCl Al-Ni [67]

AlCoCrFeNiTi1.5
AC B C14 Fe2Ti MgZn2 Fe-Ti [42]

CL F, B N/A Ti2Ni Ti2Ni Ni-Ti [43]

AlCoCrFeNiTi2 CL F, B
B2 CsCl Al-Ni

[43]
N/A Ti2Ni Ti2Ni Ni-Ti

AlCoCrFeNiZr0.5 AC B
C15 - MgCu2 Co-Zr

[69]
B2 - CsCl Al-Ni

Al0.5CoCrNiTi0.5

AC + 1473K/24h F, B B2 - CsCl Al-Ni [70]

AC + 1373K/24h F, B
B2 - CsCl Al-Ni

[70]
σ - CrFe Co-Cr

AC + 1173K/24h F, B σ - CrFe Co-Cr [70]

Al2.5CoCuFeNiSn0.1 AC B
B2 - CsCl Al-Ni

[71]
N/A Ni17Sn3 Unkn. Ni-Sn

AlCoCuFeNiVZr AC F, B N/A Zr2Ni7 Zr2Ni7 Ni-Zr [72]

AlCoCuFeNiZr AC F, B N/A ZrFe3Al Unkn. Al-Fe-Zr [73]

AlCoCuNiZn SPS(873K/FC) F L12 - Cu3Au Al-Ni [74]

AlCoFeMo0.5Ni AC
B2 - CsCl Al-Ni

[75]
σ - CrFe Co-Mo

Al22Co28Ni31.75Ti10.75V7.5 AC + 973K/24h/WQ F B2 - CsCl Al-Ni [34]

Al15Cr10Co35Ni35Si5 AC F
L10 - CuAu Al-Cr

[76]
L12 - Cu3Au Al-Ni

Al20Cr25Co25Ni25Si5 AC B
B2 - CsCl Al-Ni

[76]
σ - CrFe Co-Cr

AlCrCuFe MA + SPS(1073K) B σ - CrFe Cr-Fe [77]

AlCrCuFeMg0.5 MA + SPS(1073K) B
σ - CrFe Cr-Fe

[77]B2 AlFe CsCl Al-Fe

C15 MgCu2 MgCu2 Cu-Mg

AlCrCuFeMg MA + SPS(1073K) B

σ CrFe Cr-Fe

[77]B2 AlFe CsCl Al-Fe

C15 MgCu2 MgCu2 Cu-Mg

Cb Mg2Cu Mg2Cu Cu-Mg

AlCrCuFeMgNi4.75
MA + Sinter
(1173K/2h) - L12 - Cu3Au Al-Ni [78]

Al0.3CrCuFeNi2
AC + CR(20%) +

1473K/0.5h/WQ +
823K/150h/WQ

F L12 - Cu3Au Al-Ni [44]

Al1.5CrCuFeNi2 AC F, B B2 - CsCl Al-Ni [79]

AlCrCuFeNi2 AC F, B
B2 - CsCl Al-Ni

[80]
L12 - Cu3Au Al-Ni

AlCrCuFeNiTi AC B-1, B-2 C14 Fe2Ti MgZn2 Fe-Ti [81]

Al14.1Cr6Fe28.2Mn32.9Ni18.8 AC F B2 - CsCl Al-Ni [82]

Al0.3CrFe1.5MnNi0.5
AC + 1373K/4h +

973K/2h/AQ F
B2 - CsCl Al-Ni

[83]
σ - CrFe Cr-Fe

AlCrFe2Ni2 AC F, B B2 - CsCl Al-Ni [84]

AlCrFeMoNi AC B
σ FeCrMo CrFe Cr-Fe

[85]
B2 AlNi CsCl Al-Ni

Al15Cr5Fe30Ni30Ti20 AC + 973K/24h/WQ -
χ - Ti5Re24 Ti-Cr-Fe

[34]C14 - MgZn2 Cr-Ti

L21 - AlCu2Mn Al-Ti-Fe

Al5Cr32Fe35Ni22Ti6

AC F, B L21 - AlCu2Mn Al-Ti-Fe [86]

AC + 1373K/6h/WQ +
1173K/1h/WQ F

L21 - AlCu2Mn Al-Ti-Fe
[86]

σ - CrFe Cr-Fe

η – Ni3Ti Ni-Ti

Al0.5CrFeNiTiV AC + 973K/20h/AQ - L21 - AlCu2Mn Al-Ti-Fe
[33]

C15 - MgCu2 Cr-Ti

AlCr4.5Mn13.6Ni37.1Sn0.3Ti12V10Zr21.5 AC -
C14 - MgZn2 Al-Zr

[87]C15 - MgCu2 Cr-Ti

TiNi TiNi/CsCl Ni-Ti

AlCrMoNbTi AC + 1373K/20h B C14 Cr2Nb MgZn2 Cr-Nb [88]

AlCrMoSiTi AC - B2 - CsCl Al-Mo-Ti
[89]

D88 Mo5Si3 Mn5Si3 Mo-Si
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Al0.5CrNbTi2V0.5 AC + 1473K/24h/AQ B C14 - MgZn2 Cr-Nb [90]

AlCrNbTiVZr AC + 1473K/24h B
C14-1 ZrCrAl MgZn2 Cr-Nb

[91]
C14-2 ZrAl2 MgZn2 Cr-Nb

AlCrSiTiV coating
on Ti-6Al-4V

CL B D88 Ti5Si3 Mn5Si3 Ti-Si [92]

CL + 1073K/24h B
D88 Ti5Si3 Mn5Si3 Ti-Si

[92]
D82 Al8V5 Zn8Cu5 Al-V

AlCu0.2Li0.5MgZn0.5 AC - D8e Mg32(Al,Zn)49 Mg32(Zn2Al)49 Al-Mg-Zn [93]

AlCuTiYZr AC B-1, B-2, H N/A AlTi2 Unkn. Al-Ti [94]

Al13Fe36Mn33Ni18 AC F B2 - CsCl Al-Ni [95]

Al13Fe36Mn33Ni18Ti6 AC F B2 - CsCl Al-Ni [95]

AlMo0.5NbTa0.5TiZr AC + 1673K/24h/FC B B2 - CsCl Al-Mo-Ti [56]

AlNbTaTiZr HT-DSC
(1823K/2cycles) B N/A Al4Zr5 Ti5Ga4 Al-Zr [96]

Al2NbTi3V2Zr
MA + SPS

(1173K/2h) B
L12 - Cu3Au Al-Zr

[97]
N/A Ti2ZrAl Mg3Cd Al-Ti

AlNbTiVZr AC + 1473K/24h B
C14 MgZn2 Al-Zr

[98]
N/A Zr2Al Co1.75Ge Al-Zr

Al1.5NbTiVZr AC + 1473K/24h +
1273K/100h B

C14 MgZn2 Al-Zr
[98]N/A Zr2Al Co1.75Ge Al-Zr

σ AlNb2 CrFe Al-Nb

B22(CoCrFeNi)78 AC + 1023K/10min F C16 Fe2B CuAl2 B-Fe [99]

B26(CoCrFeNi)74 AC + 873K/10min F
C16 Fe2B CuAl2 B-Fe

[99]D8l Cr5B3 Cr5B3 B-Cr

FeB FeB-b/TlI B-Fe

C0.1CoCrFeMnNi AC + 1473K/14h/AQ F D84 Cr23C6 Cr23C6 C-Cr [100]

C0.25CoCrFeMnNi
AC + 873K/14h/AQ F Cr7C3 Cr7C3/Mn7C3 C-Cr [100]

AC + 1273K/14h/AQ F
D84 Cr23C6 Cr23C6 C-Cr

[100]
Cr7C3 Cr7C3/Mn7C3 C-Cr

C0.1Hf0.5Mo0.5NbTiZr AC B B1 CHf NaCl C-Hf [101]

CoCrCuFeMnNiTiV AC F, B σ CrFe Cr-Fe [51]

CoCrCuFeNi MA + SPS(1173K) F-1, F-2 σ - CrFe Cr-Fe [50]

CoCrCuFeNiTi AC F C14 Fe2Ti MgZn2 Fe-Ti [102]

CoCrCuFeNiZr AC C15b Zr(Ni, Cu)5 Be5Au Cu-Zr [103]

CoCrFeHfNi AC B C36 MgNi2 Cr-Hf [32]

CoCrFeMnNbNi CL F C14 Fe2Nb MgZn2 Fe-Nb [104]

Co0.5CrFeMn1.5Ni AC + 973K/20h/AQ F σ - CrFe Cr-Fe [33]

CoCrFeMnNiV AC + 1273K/24h F σ - CrFe Cr-Fe [105]

CoCrFeMo0.85Ni AC F
σ - CrFe Cr-Fe

[106]
μ - W6Fe7 Co-Mo

AC + 1273K/6d/WQ F μ - W6Fe7 Co-Mo [107]

CoCrFeMoNi AC F σ - CrFe Cr-Fe [32]

Co1.5CrFeMo0.5Ni1.5Ti0.5 AC F σ - CrFe Cr-Fe [108]

CoCrFeNb0.3Ni AC F C14 - MgZn2 Co-Nb [109]

CoCrFeNbNi AC F C14 - MgZn2 Cr-Nb [32]

CoCr2FeNi AC + 973K/20h/AQ F σ - CrFe Cr-Fe [33]

CoCrFeNiTa AC F C14 - MgZn2 Co-Ta [32]

CoCrFeNiTi0.3 AC F, H L12 - Cu3Au Co-Ni [110]

CoCrFeNiTi0.5

AC F
C36 Co2Ti MgNi2 Co-Ti

[111]
σ CrFe CrFe Cr-Fe

R TiNi2 TiNi2 Ni-Ti

AC + 1273K/6h/FC F
σ CrFe Cr-Fe

[112]
R TiNi2 TiNi2 Ni-Ti

CoCrFeNiTi
AC

χ Ti5Re24 Ti-Cr-Fe
[32]C14 MgZn2 Cr-Ti

η Ni3Ti Ni-Ti

AC + 1273K/2h F, B
N/A CoTi2 Ti2Ni Co-Ti

[113]
B2 - CsCl Co-Fe

Co1.5CrFeNi1.5Ti AC + 1373K/4h +
1073K/10h/AQ F η - Ni3Ti Ni-Ti [22]

CoCrFeNiV AC F σ CrFe Cr-Fe [32]

CoCrFeNiW AC F μ W6Fe7 Fe-W [32]
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CoCrFeNiY AC B
N/A YNi3 PuNi3 Ni-Y

[32]N/A Y2Ni17 Th2Ni17 Ni-Y

B27 YNi FeB-b Ni-Y

CoCrFeNiZr AC B C15 - MgCu2 Co-Zr [32]

CoCrMnNiV AC + 1273K/3d F σ - CrFe Co-Cr [114]

CoCrNiTiV
MA + VHP

(1423K/1h/FC) F, B
σ Ni2V3 CrFe Ni-V

[115]
η Ni3Ti Ni-Ti

CoCuFeNiSn0.5 AC F N/A Cu81Sn22 Cu41Sn11 Cu-Sn [116]

CoCuFeNiTi AC F-1, F-2, B C15 - MgCu2 Co-Ti [117]

CoFeMnMoNi AC + 1273K/3d F μ - W6Fe7 Co-Mo [114]

Co25Fe25Mn15Ni15Ti12.5V7.5 AC + 973K/24h/WQ F C14 - MgZn2 Fe-Ti [34]

CoFeMnNiV AC + 1273K/3d F σ - CrFe Fe-V [114]

CoFeMnTiVZr AC C14 - MgZn2 Fe-Ti [118]

CoFeMoNiV AC F σ Co2Mo3 CrFe Co-Mo [119]

CoFeNb0.75Ni2V0.5 AC F C14 - MgZn2 Co-Nb [120]

CoFeNiSi0.5 AC F D011 Ni3Si Fe3C Ni-Si [121]

Co25Fe25Ni10Ti30V10 AC + 973K/24h/WQ
C14 - MgZn2 Fe-Ti

[34]
C15 - MgCu2 Co-Ti

Co28.75Fe31.25Ni7.5Ti30V2.5 AC + 973K/24h/WQ C14 - MgZn2 Fe-Ti [34]

CoHfNbNiTiZr
AC F, B μ NbNi W6Fe7 Nb-Ni [122]

AC + 1073K/1h F, B
μ NbNi W6Fe7 Nb-Ni

[122]
N/A NbHf2 Unkn. Hf-Nb

Co2Mo0.8Ni2VW0.8 AC F μ - W6Fe7 Co-Mo [123]

CrFe1.5MnNi0.5 AC F σ CrFe CrFe Cr-Fe [124]

CrFeMnNiTi AC + 1273K/3d
χ - Ti5Re24 Ti-Cr-Fe

[114]
C14 - MgCu2 Co-Ti

CrFeNiTiVZr AC + 1273K/24h H C14 - MgZn2 Fe-Ti [125]

CrFeNiV0.5W AC F, B σ - CrFe Cr-Fe [126]

CrHfNbTiZr AC + 1173K/10min B C15 - MgCu2 Cr-Hf [127]

Cr4.5Mn13.6Ni38.1Sn0.3Ti12V10Zr21.5 AC -
C14 - MgZn2 Cr-Ti

[87]C15 - MgCu2 Cr-Ti

- TiNi TiNi/CsCl Ti-Ni

CrNbMo0.5Ta0.5TiZr HIP(1723K/3h) B-1, B-2 C15 - MgCu2 Cr-Ta [128]

CrNbTaTiZr HT-DSC (1823K/2cycles) B, H
C14 - MgZn2 Cr-Nb

[96]
C15 - MgCu2 Cr-Nb

CrNbTiVZr HIP(1473K/2h) +
1473K/24h B C15 - MgCu2 Cr-Nb [129]

CrNbTiZr HIP(1473K/2h) +
1473K/24h B C15 - MgCu2 Cr-Nb [129]

CuFeMnNiPt AC + 1373K/12h/FC L12 - Cu3Au Fe-Ni [130]

Hf0.5Mo0.5NbSi0.9TiZr AC B D88 Zr5Si3 Mn5Si3 Si-Zr [131]

HfNbSi0.5TiV AC B D88 Ti5Si3 Mn5Si3 Si-Ti [132]

HfNbTiVZr AC + 1173K/10min B C15 - MgCu2 V-Zr [127]

Mo0.7NbTiV0.3Zr AC + 1273K/72h B-1, B-2 C15 - MgCu2 V-Zr [133]

MoTaVWZr AC B-1, B-2, H C15 - MgCu2 V-Ta [134]

NbSnTaTiZr AC B N/A Sn3Zr5 Ti5Ga4 Sn-Zr [96]

NbTiVZr AC + 1273K/100h B, H C15 - MgCu2 V-Zr [98]

1 The abbreviations used for processing conditions are: AC = As-Cast; MA = Mechanical Alloyed; SPS = Spark
Plasma Sintered; CR = Cold Rolled; WQ = Water Quenched; AQ = Air Quenched; CL = Cladded; FC = Furnace
Cooled; HT-DSC = High Temperature-Differential Scanning Calorimeter; VHP = Vacuum Hot Press; HIP = Hot
Isostatic Pressing. 2 The abbreviations used for SSS phases are: F = FCC; B = BCC; H = HCP. When there is
more than one FCC or BCC phases, a number will be added after the abbreviation. For example, F-1 and F-2.
3 The abbreviations for IM structures are: A15 = cP8-Cr3Si; B1 = cF8-NaCl; B2 = cP2-ClCs; B27 = oP8-FeB-b;
C14 = hP12-MgZn2; C15 = cF24-Cu2Mg; C15b = cF24-Be5Au; C16 = tI12-Al2Cu; C32 = hP3-AlB2; C36 = hP24-MgNi2;
Cb = oF48-Mg2Cu, D011 = oP16-Fe3C, D022 = tI8-Al3Ti; D82 = cI52-Cu5Zn8; D84 = cF116-Cr23C6; D88 = hP16-Mn5Si3;
D8e = cI162-Mg32(Zn2Al)49; D8I = tI325-Cr5B3; η = hP16-TiNi3; L21 = cF16-AlCu2Mn, χ = cI58-Ti3Re24;
L10 = tP2-AuCu; L12 = cP24-AuCu3; μ = hR13-Fe7W6; R = hR21-TiNi2; σ = tP30-CrFe. Some reported compounds
have two different structures, both structures are listed and separated with a slash. For such compounds, “phase
name“ will be left empty. In addition, structure prototypes of certain compounds are yet unknown. This is
abbreviated as Unkn.
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The 142 IM-containing alloys use a total of 25 elements. This includes 1 alkali metal (Li); 1 alkaline
earth metal (Mg); 18 transition metals (Ag, Co, Cr, Cu, Fe, Hf, Mn, Mo, Nb, Ni, Pt, Ta, Ti, V, W, Y,
Zn, Zr); 2 basic metals (Al, Sn); 2 metalloids (B, Si) and 1 non-metal (C). To understand the prevalence
of these elements in our alloy database, the relative frequency of usage of each element is calculated
and plotted in Figure 1. Co, Cr, Fe, and Ni are the most common elements in this study and have
relative frequencies higher than 66%. Al (56%) and Ti (49%) also have very high relative frequencies.
Three other elements, including Cu (28%), V (25%), and Zr (21%), have relative frequencies higher
than 20%. All other elements have relative frequencies below 20%.

Figure 1. Relative frequencies of usage of various elements in the present study and in Miracle and
Senkov’s work, data from [3].

Miracle and Senkov published a comprehensive review on HEAs very recently [3].
They constructed an HEA database with a total of 408 unique alloys, regardless of the phase type
present in the alloy. Thus, their alloys can serve as a good comparison group to ours. The frequency
with which each element is used in their database has been calculated [3]. This data is converted
to relative frequency and plotted in Figure 1. As seen in Figure 1, Co, Cr, Fe, and Ni still have the
highest relative frequencies (74% or higher). Other elements having relative frequencies higher than
20% include Al (67%), Cu (46%), Ti (30%), and Mn (25%). Therefore, the seven most common elements
in both databases are the same, but the relative sequence is slightly different. The popularity of these
elements in both databases is largely because most of them belong to the two classic HEA systems [2]:
Al-Co-Cu-Cr-Fe-Ni and Al-Co-Cr-Fe-Ni. These systems and their derivative systems (systems having
two or fewer different principal elements) constitute the largest HEA family [2,3]. Thus, the popularity
of these elements is not unexpected.

Comparing the relative frequencies of the same element in the two databases also helps to reveal
the differences between the two databases. Based on Figure 1, only six elements have lower relative
frequencies in our database than in Miracle and Senkov’s, namely Al, Fe, Co, Ni, Cu, and Mn.
Other elements all have higher relative frequencies of usage in our database than in Miracle’s.
The reason for the former is two-fold. Firstly, in our database, alloys with similar compositions
and identical phase constituents are only listed once (see Section 2). Many alloys containing Al, Fe,
Co, Ni, Cu, and Mn are thus excluded, leading to lower relative frequencies. For example, Miracle
and Senkov’s database lists 29 IM-containing alloys in the Al-Co-Cr-Cu-Fe-Ni system, but ours lists
only two. The second is that many simple solid solution alloys are also composed of these elements.
They are also excluded in the present study. The reason for the latter is evident—the majority of
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elements typically lead to the formation of IM phases. Thus, in a database of IM-containing alloys,
they exhibit higher relative frequencies.

The alloys in our database can be roughly categorized into three groups. The first is the
CoCrFeNi-based alloys. These are defined here as alloys containing more than 60 at.% of Co, Cr,
Fe, and Ni. The second is the refractory alloys, defined here as alloys containing more that 60 at.% of
refractory elements (Cr, Hf, Mo, Nb, Ta, Ti, V, W, and Zr). The third is other alloys, which includes all
alloys that do not belong to the previous groups. In our database, there are 86 CoCrFeNi-based alloys
(60.6%), 25 refractory alloys (17.6%), and 31 other alloys (21.8%).

It is also worth noting that processing route can have an evident effect on the type of IM phase
present in the alloys. For example, the IM phases in arc-melted [42] and cladded AlCoCrFeNiTi1.5 [43]
alloys are different. Another example is the Al0.3CoCrFeNi alloy [44], in which different annealing
temperature can lead to completely different IM phase type, and thus different mechanical properties.

3.2. The Most Prevalent IM Structures

Figure 2a shows the relative frequencies of occurrence for the most common IM structures
in the present study. The sequence, in order of decreasing prevalence, is (values in parentheses
indicate number of occurrence): Laves (44), σ (38), B2 (37), L12 (15), L21 (8), μ (5), Ti2Ni (5), D84 (4),
χ (4), η (4), and D88 (4). The Laves phase includes three closely related structure types: C14, C15
and C36. Their respective values are indicated in the corresponding bars. From Figure 2a, Laves,
σ, B2, L12 and L21 are the five most prevalent structures, with Laves, σ, and B2 appearing in more
than 25% of the alloys. L12 and L21, on the other hand, appear in approximately 5–10% of the alloys.
All other structures have relative frequencies lower than 5%. In other words, the popularity of the
structures is quite non-uniform. This is not unexpected because among all identified IM structure
types, the distribution of popularity is also quite non-uniform. For example, about 50% of all known
IM compounds belong to 44 most popular structure types [38]—that is less than 2% of the known
structure types! Additionally, as shown in Figure 1, the usage of the elements in our HEAs is also quite
non-uniform. This will further concentrate the structure of the IM phases to certain structure types
because of compositional similarity.

Figure 2. Relative frequencies of occurrence for the most common IM structures in this study: (a) Based
on all alloys in the database; (b) Based on (Co, Cr, Fe, Ni)-based alloys only.

As mentioned previously, it is meaningful to compare the results of the present database
and Miracle and Senkov’s. Therefore, the relative frequencies of common IM structures in their
alloy database are also calculated and plotted in Figure 3a. The most common IM structures
in order of decreasing prevalence are (values in parentheses indicate number of occurrence):
B2 (177), σ (60), Laves (58) [C14 (50), C15 (8)], L12 (15), E93 (6), Ti2Ni (5), D02 (4), and L21 (4).
Thus, the top four most common structures in the two databases are the same, but the relative sequence
is different. This difference largely originates from the exclusion of compositionally similar alloys
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in the present study. For examples, there are a total of 334 IM-containing microstructure reports
in Miracle and Senkov’s study. However, the Al-Co-Cr-Fe-Ni alloy system alone accounts for 86
(or 25.7%) of them! This is because Al-Co-Cr-Fe-Ni is one of the two “classic” systems that have
been studied most thoroughly. Thus, the effect of composition has been probed in considerable detail.
For instance, AlxCoCrFeNi alloys with x = 0.3, 0.44, 0.7, 0.75, 0.8, 0.876, 0.9, 1, 1.2, 1.25, 1.5, 1.8, 2, 2.08,
2.5 and 3 have all been reported. Besides composition, the effect of processing route is also probed,
leading to even more microstructure reports. Unfortunately, the IM phases in the Al-Co-Cr-Fe-Ni
system are very similar—46 of them contain B2. Due to these reasons, the frequency of the B2 phase is
evidently overestimated. This probably explains why B2 tops the list in Miracle and Senkov’s database.
Although their work is comprehensive and of great value, we believe our analysis better represents
the overall reality by reducing the bias from similar alloys.

Figure 3. (a) Relative frequencies of occurrence for the most common IM structures in Miracle and
Senkov’s work, data from [3]; (b) Frequency of occurrence for the most common IM structures in all
binary/ternary IM phases, data from [38].

Ferro and Saccone [38] calculated the most common structure types based on Villars and Calver’s
collection of about 26,000 known IM phases [36]. It is meaningful to compare our results with this
over trend in all IM phases. Figure 3b shows the most common structure types among all binary
and ternary IM phases [38]. Please note that the NaCl structure is omitted in Figure 3b because it
is typically associated with non-metallic elements such as O and N (i.e., mostly ceramic phases).
The five most common structures in order of decreasing prevalence are: Laves (including both C14 and
C15 structures), BaAl4, C23, B2, and L12. Compared with the top-five list in our database, it is seen
that the Laves, B2, and L12 phases remain popular in HEAs, but the BaAl4 and Co2Si structures do not
appear in our HEA database at all. This distinction is not difficult to understand if we take a closer
look at compounds with these structures. BaAl4-type compounds almost always contain elements in
the lanthanide and actinide series, which are still very rarely used in HEAs [36]. The case for the C23
structure is similar—C23-type compounds are typically formed in compounds containing lanthanide,
IIA, and IVA elements [36]. As will be shown later, IM structures formed in HEAs are always structures
that existing in their subsystems. Consequently, if the necessary component of a particular structure is
absent in an alloy, it is unlikely that such structure will form. By and large, the differences between the
common IM structures in the present study and that in all binary/ternary IM compounds is probably
because the explored compositional space in HEAs is still extremely limited.

For the (Co, Cr, Fe, Ni)-based alloys, the five most common phases (Figure 2b) listed in order
of decreasing prevalence are: σ (32), B2 (23), Laves (20), L12 (12), and L21 (6). The common phases
are same as that in all alloys, but the relative popularity is different. This again suggests that the IM
phases present are still dependent on the composition. As will be shown later, the IM phases in HEAs
are basically the IM phases that already exist in its binary and/or ternary subsystems. Thus, the choice
of element is directly related to the type of IM phase.
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3.3. Structure Inheritance in HEAs

Before going further, it is useful here to explain the term “structural inheritance” using ternary
systems as examples. IM phases in ternary phase diagrams are very often extended from the boundary
of the diagrams. In other words, they are often solid solutions of binary IM phases. Thus, the IM
structure already exists in at least one of the three binary subsystems. In this work, this is described
as the inheritance of the IM structure in the ternary alloy from its binary subsystems. In some cases,
the IM phase region can even connect from one edge of the triangle to another, as illustrated in the
imaginary phase diagram in Figure 4a. Similarly, in a quaternary system, the IM structures can be
inherited from binary and ternary subsystems.

Figure 4. Imaginary phase diagrams illustrating the inheritance of IM phases in ternary systems.
Colored areas represent single phase regions. (a) A phase inherited from two binary subsystems
(the ν phase); (b) A phase that is original to the ternary systems (the σ phase).

However, there are cases where the IM phase cannot be found in any of the binary subsystems.
Therefore, the IM phase is not inherited and is original to the ternary alloy. In such cases,
the phase region of the IM phase is in the interior of the phase diagram, as illustrated in Figure 4b.
Similar situations can be seen in quaternary systems, too. For example, in the Al-Co-Fe-Ti
system, the TiFeCoAl phase (cF16-LiMgPdSn) is original and does not exist in any of its binary
or ternary subsystems. What about the case in HEAs? Are the IM structures in HEAs inherited from
their subsystems? Do original structures exist? If so, what are they and how often do they appear?

Table 1 shows the IM structures in each HEA collected in this study. We performed a detailed
analysis on these structures to identify whether or not the structure is inherited. In some trivial
cases, this can be confirmed directly from the chemical formula. For example, a Fe2Ti phase in the
CoCrCuFeNiTi alloy is clearly inherited from the Fe-Ti binary system. In other cases, this is done by
comparing the structure prototypes of the IM phases in an HEA and those in its subsystems. The result
is indicated in the “IM Structure Found in” column in Table 1. As shown in the table, all the IM
structures in the 142 alloys can be found in the subsystems of the respective alloy. In fact, in more
than 90% of the alloys (129 out of 142 alloys), the IM structures are found in binary subsystems.
In the remaining 13 alloys, the structures cannot be found in binary subsystems and are seen only in
ternary ones. A typical reason for this is that the structure is intrinsically ternary (i.e., three different
elements are required to form that structure). This is typically reflected by a ternary prototype.
The best example is the L21 or Heusler phase (cF16-AlCu2Mn). 8 of the 13 remaining alloys contain
the L21 phase. There are also structures that are not intrinsically ternary, but are still found in ternary
subsystems only. The most notable case is the χ phase (found in the Cr-Fe-Ti system).

Based on the above, for all the HEAs in this study, the IM structures are inherited from their
respective binary/ternary subsystems. This information has important implications. To predict the IM
phases in HEAs, whether via empirical or CALPHAD approaches, a list of candidate phases is necessary
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so that the relative stabilities of the candidate phases can be compared to determine the stable phase.
If the IM structures in an HEA are frequently irrelevant to its binary and ternary subsystems, given that
phase diagrams of quaternary and higher-order systems are very rare, the prediction of IM phases in
HEAs would be extremely difficult. Our results; however, show that the candidate IM phases basically
resides in the binary and ternary subsystems, so phase prediction is feasible. Another way of looking
at this is that if the composing elements in an HEA do not form a particular IM structure, it is unlikely
that that phase will appear in the alloy.

Our results also suggest that when considering the candidate IM phases in an HEA, it is reasonable
to consider just the phases in binary subsystems, plus certain important structures from known
ternary combinations. This is because in more than 90% of the alloys, the IM phases exist in their
binary subsystems. Moreover, those existing only in ternary subsystems are highly focused on certain
element combinations. For example, the L21 phase is related to the Al-Ni-Ti combination, and the χ

phase is related to the Cr-Fe-Ti combination. Further analysis of the dependence of IM phase type on
composition is underway and will be published later.

4. Conclusions

A database of IM-containing HEAs has been constructed by examining related publications.
The database consists of 142 unique alloys. Care is taken to avoid compositional repetition so that the
diversity in the database is enhanced and statistical bias is reduced. The usage of elements in these
alloys is very non-uniform and highly concentrated to Co, Cr, Fe, Ni, Al, and Ti, all appearing in 50%
or more of the alloys.

Based on statistical analysis of the database, it is found that the five most prevalent IM structures
in all HEAs are Laves, σ, B2, L12, and L21. Those in (Co, Cr, Fe, Ni)-based HEAs are the same,
but with a different sequence. These results are evidently different from the overall trend in known
binary/ternary IM structures mainly because the non-uniform usage of the elements in the alloys,
which prevents the formation of many structures.

All the IM structures in the HEAs surveyed here are existing structures in the binary/ternary
subsystems of the respective alloys. This means that HEAs tend to inherit IM structures from their
subsystems, instead of forming new structures irrelevant to their subsystems. It seems that the
compositional complexity in HEAs does not trigger additional structural complexity. Therefore, when
predicting IM phases in HEAs, it is probably reasonable to consider only the IM phase types existing
in the binary and ternary subsystems of the alloys, and ignore irrelevant phases. These findings have
important implications in the future design and development of HEAs.
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Abstract: High-entropy alloys can either be defined as solid solution alloys containing at least
five elements in equiatomic or near-equiatomic composition, or as alloys with high configurational
entropies (larger than 1.5R), regardless of the number of elements involved. The present study reports
on an alloy design route for refractory high-entropy alloys based on equiatomic Mo-Nb-V alloys
with additions of W and Ti. In general, the work was motivated by Senkov et al. The aim of the
experiments carried out was to produce a refractory high-entropy alloy with a single-phase structure.
For this purpose, a systematic alloy design involving four- and five-element compositions was used.
Scanning electron microscopy analysis has shown that Mo-Nb-V-xW-yTi (x = 0, 20; y = 5, 10, 15, 20, 25)
is in fact a refractory high-entropy alloy with a body-centered cubic dendritic structure. Furthermore,
the Ti-concentration of the experimental alloys was varied, to obtain the influence of Titanium on
the microstructure development. Additionally, compressive tests at room temperature were carried
out to evaluate the influence of the different alloying elements and the Ti-fraction on the mechanical
properties. The observations of the present work are then compared to the published results on
similar alloys from the working group of Yao et al. and critically discussed.

Keywords: high-entropy alloys; refractory metals; microstructure; mechanical properties

1. Introduction

To meet the increasing demand for modern high-temperature materials, extensive research is being
carried out in this field. Especially characteristics such as high-temperature strength, creep resistance
and oxidation behavior are in the focus of present investigations. As the melting temperatures of
materials correlate with the aforesaid properties, emphasis has been put on for example Fe, Ni or Pt
and refractory elements like Mo and Nb, as basic alloying components in the manner of producing
rather simple binary and ternary alloys, up to complex multi-component superalloys [1–4].

Besides the classical alloying strategies, starting from a base element and adding minor element
additions to design and produce alloys, a multi-component alloy strategy offers the opportunity
to design and investigate a completely new class of materials. In general, those alloys consist
of five (or more) elements. They are referred to as high-entropy alloys (HEAs) if a single-phase
material with relatively simple fcc (face-centered cubic), bcc (body centered cubic), or hcp (hexagonal
close-packed) crystal structures is reached [5–8]. These, mostly equiatomic alloys, gained tremendous
scientific attention, caused by their unique properties, such as high strength and hardness (even at high
temperatures), outstanding wear resistance, good structural stability, corrosion and oxidation resistance.
Those properties are attributed to certain interatomic and lattice effects: the core effect, high entropy
effect, sluggish diffusion effect, severe-lattice-distortion effect and a cocktail effect, which are described
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in detail elsewhere [5,8]. HEAs can be seen as a scientific approach to investigate and understand the
metal–physical nature of this new type of materials.

A more practical (or engineering) approach on HEAs may lead to near-equiatomic multi-component
alloys in which the element composition can vary in a certain compositional interval (between 5
at.% and 35 at.% as it is defined by Yeh [9]), for each principle element. As a result of that, it is
possible to design so-called compositionally complex alloys (CCAs) which show the potential to lead
to new developments regarding types of superalloys in which a multi-component solid solution matrix
contains high amounts of complex precipitation phases [10–13].

During the last decade HEAs based on Fe, Al, Cr, Ni, Co, Cu and Mn were emphasized and
extensively examined. A well-studied example of this development is Fe-Cr-Mn-Ni-Co [14–17], which is
also known as the so-called Cantor alloy. To be noted in addition is the US Patent published by Bei [18]
in which a multi-component solid solution alloy with high mixing entropy, namely Mo-Nb-V-W-Ti,
has been mentioned. Senkov et al. [19,20] introduced HEAs based primarily on refractory metals
(RHEAs) in demand for high- and ultra-high-temperature structural materials, i.e., in the aerospace
industry. Their alloys based on W-Nb-Mo-Ta and W-Nb-Mo-Ta-V were experimentally investigated and
have a dendritic bcc structure, which, compared to the Ni-based alloy Inconel 718, shows relatively high
yield stresses in a wide temperature range between 600 ◦C and 1600 ◦C [20]. These observations lead
to the assumption, that the patented alloy Mo-Nb-V-W-Ti also consists of a single-phase body-centered
cubic structure. Senkov et al.’s alloys, however, have relatively high densities of 12.36 g/cm3 for
W-Nb-Mo-Ta and 13.75 g/cm3 for W-Nb-Mo-Ta-V [19].

In general, the present work aims to follow Senkov et al.’s approach of developing an RHEA,
based on principle refractory metals but by substituting at least one and/or both of the heavy elements
W and Ta with Ti, to reduce the density of the RHEAs significantly. Thus, the alloying strategy of the
present work is based on theoretical calculations which give rise to a stable solid solution formation.
In addition, the effects of removing/substituting aforesaid elements on the strength and ductility of the
alloys at room temperature was examined.

2. Materials and Methods

For the alloy design of the present study, three quaternary alloys Mo25Nb25V25W25,
Mo25Nb25V25Ti25, Mo30Nb30V30Ti10 and two quinary alloys Mo20Nb20V20W20Ti20, Mo22.5Nb22.5V22.5W22.5Ti10

were chosen (all concentrations are given in atomic percent). The alloys were prepared from high-purity
metal chips, granules and powders via arc-melting under protective (Ar) atmosphere (Arc Melter
MAM-1, Edmund Buehler GmbH, Bodelshausen, Germany). Button-shaped samples of 5–10 g were
re-melted and flipped five times each, to ensure good homogeneity.

Powder samples of the alloys produced were manually prepared for X-ray diffraction analysis (XRD,
X’Pert PRO, Malvern Panalytival B.V., Almelo, The Netherlands), using a hand file. The measuring
parameters chosen for the XRD analysis were Cu-Kα1-radiation (λ = 1.541874 Å) at a voltage of 40 kV,
current intensity of 30 mA and increment size of 0.0167◦.

In order to characterize the as-cast microstructure, the button-shaped samples of each alloy
were cut and prepared for metallographic examination. After initial grinding, the specimens were
polished using a 3 μm and a 1 μm diamond suspension, and finally polished with colloidal silica (OP-S,
Struers, Ballerup, Denmark). The microstructural observations were carried out using a scanning
electron microscope (SEM) (ESEM XL30 FEG, FEI, Hillsboro, OR, USA). Additionally, to validate the
chemical composition of the alloy samples, (Si(Li))-detector Energy-dispersive X-ray spectroscopy
(EDS) analysis, equipped with Genesis software (EDAX, Mahwah, NJ, USA) was conducted. Moreover,
area fractions of the microstructures of the Ti-containing 5-element alloys Mo20Nb20V20W20Ti20 and
Mo22.5Nb22.5V22.5W22.5Ti10 were calculated by means of graphical image analysis (Photoshop, Adobe,
San José, CA, USA) using 15 images each.

Furthermore, Vickers hardness measurements with an applied force of 100 N were performed on
the prepared specimens, using a hardness testing device (Duravision, Struers, Ballerup, Denmark).
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Regarding the compression tests, 3 to 4 cylindrical samples conforming to standards [21] with
specifications of 3 mm in length and 1.8 mm in diameter were prepared by electric discharge
machining (EDM). The samples were surface-cleaned (removal of a burr and the surface tarnish)
subsequently afterwards, using 800 and 1200 grit SiC paper. The compression tests were performed on
an electro-mechanical universal testing machine (TIRAtest 2825, TIRA GmbH, Schalkau, Germany) at
a constant crosshead speed corresponding to an initial (engineering) strain rate of

.
ε = 10−3 s−1, up to a

maximum deformation of ~50%. The yield strength was determined by the 0.2% offset method and the
plastic strain was obtained by subtracting the combined compliance of the testing machine and the
sample from the individually measured load-displacement curves.

3. Results and Discussion

3.1. Alloy Design Based on Thermodynamics and Geometrical Effects

The formation of a solid solution phase in multi-component alloys is determined by the system’s
Gibbs free energy ΔGmix [22],

ΔGmix = ΔHmix − TΔSmix (1)

Hence, the phase formation in RHEAs is strongly dependent upon the interplay between the
entropy of mixing ΔSmix, the absolute temperature T and the enthalpy of mixing ΔHmix [5]. Therefore,
the following equations were used to determine the phase stability of the alloys examined [15,16]:

ΔSmix = −R
∑

N
i = 1xi ln xj (2)

ΔHmix =
∑

N
i = 1; i� j4ΔHmix

AB xixj (3)

where, R is the gas constant, 8.314 J·mol−1·K−1, N is the number of elements, xi or xj is the composition
of the ith or jth element and ΔHmix

AB is the enthalpy of mixing for the binary equiatomic AB alloys.
Furthermore, the ratio of entropy to enthalpy Ω (also referred to as solid solution prediction parameter)
was used to make predictions about solid solution formation in the present alloying systems [23]:

Ω =

∑n
i = 1 ci(T m)iΔSmix

|Δ Hmix| (4)

here, the melting temperature of an n-element alloy is calculated, where Tm is used as the melting
point of the ith component of the alloy. Additionally, the atomic size difference δr in % was taken into
account, using the equation given below [24]:

δr% = 100%

√∑
n
i=1ci

(
1 − ri

r

)2
(5)

where, Ci is the atomic fraction of the ith component, r =
∑n

i=1 ciri is the average atomic radius and ri
is the atomic radius (listed in reference [25]).

The results of the calculations performed (as displayed in Table 1) are in good agreement with the
findings of Zhang et al. [26,27], stating that low values of ΔHmix and, respectively, high values
of ΔSmix reduce the free energy of the system, thus providing a stable solid solution phase.
This assumption is supported by the Ω values stated, all of which are significantly higher than
1 (Ωmin = Ω(Mo25Nb25V25W25) = 8.27), leading to a more dominant contribution of (T)ΔSmix than
of ΔHmix to the free energy of the system [23]. In addition to the entropy of mixing, the δr data of
the elements mixed contribute to the formation of phases, since the lattice distortion is influenced
by the different atomic radii [28]. The stated RHEA alloys show δr values between 2.98% and 4.62%,
hence indicating the formation of a stable solid solution [29].
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Table 1. Investigated alloys, and calculated values for the entropy of mixing ΔSmix, the enthalpy of
mixing ΔHmix, the solid solution prediction parameter Ω and the atomic size difference δr.

Alloy ΔSmix, J·K−1·mol−1 ΔHmix, kJ·mol−1 Ω δr, %

Mo25Nb25V25W25 11.52 −4.00 8.27 2.98
Mo25Nb25V25Ti25 11.52 −2.75 10.20 4.46
Mo30Nb30V30Ti10 10.92 −3.00 9.23 4.01

Mo20Nb20V20W20Ti20 13.38 −4.16 8.63 4.05
Mo22.5Nb22.5V22.5W22.5Ti10 13.08 −4.14 8.77 3.65

To demonstrate and evaluate the potential of the alloys examined, the generated ΔHmix vs. δr

data were graphically displayed in Figure 1a by means of a field diagram, showing the regions of
theoretical solid solution, respectively, amorphous phase formation, and compared to obtained data
from the corresponding literature.

 
Figure 1. (a) Calculated ΔHmix to δr ratios from the present work compared to data, obtained from the
corresponding literature [26,27]. (b) XRD patterns of the alloys examined in the as-cast condition (from
top to bottom).

3.2. X-ray Diffraction of the RHEAs

The XRD analysis results of the RHEA powder samples are depicted in patterns, displaying the
relative intensity of the detected reflexes over a 2-θ-range from 20◦ to 120◦ in Figure 1b. The XRD
reflexes of the different alloys show similar locations, indicating the presence of a bcc crystal structure
in all alloys examined. The positions of the diffraction reflexes present are characteristic for elements
with a bcc crystal structure (f.e. the refractory elements Mo, V, Nb, W, etc.) in general, however they are
slightly shifted here [30]. The exact position of the reflexes obtained varies, due to the lattice distortion of
the different solid solutions. The experimentally obtained lattice parameters reaching from a minimum
of 3.156 Å (Mo22.5Nb22.5V22.5W22.5Ti10) to a maximum value of 3.174 Å (Mo25Nb25V25Ti25) are listed in
Table 2. Theoretical values for the alloys examined were determined, using the equation [19]:

atheor. =
∑

ciai (6)

and the results, stated in Table 2 are in good agreement with the experimental values.

40



Metals 2020, 10, 1530

Table 2. Theoretically calculated and experimentally measured lattice parameters of the alloys
investigated with standard deviations.

Alloy Theor. Lattice Parameter, Å Exp. Lattice Parameter, Å Deviation

Mo25Nb25V25W25 3.160 3.157 ±0.11
Mo25Nb25V25Ti25 3.196 3.174 ±0.009
Mo30Nb30V30Ti10 3.173 3.156 ±0.002

Mo20Nb20V20W20Ti20 3.189 3.164 ±0.013
Mo22.5Nb22.5V22.5W22.5Ti10 3.175 3.159 ±0.008

3.3. As-Cast Microstructures of the Alloys Examined

As-cast microstructure overview-images of the five alloys produced are depicted in Figure 2.
The images were taken at a central position of the arc-melted buttons. In addition, the results of the
chemical compositions, analyzed by means of EDS, are shown in Table 3. It can be stated that the actual
element concentration is in good agreement with the theoretical calculated values, with a maximum
deviation of ±2.1 at.% W in alloy Mo20Nb20V20W20Ti20, regarding all alloys tested. The microstructure
evolution is of a similar kind within the button-shaped samples. In principal, the formation of dendrites
in different sizes and refinement can be examined. As displayed on alloy Mo25Nb25V25W25 in Figure 3,
a coarse-grained dendritic structure is present in the bottom regions of the button-shaped samples,
while a more distinctive growth can be obtained from the mid to the top section of the samples. This is
attributed to the cooling conditions in the arc-melter or more specifically the fast heat transfer from the
sample into the water-cooled copper crucible, thus restricting the dendrite growth.

Even though theory predicts the formation of a solid solution, regarding the Ti-containing 5-element
alloys, the presence of a second phase was observed at higher magnifications (small, black colored areas),
which are depicted in the micrograph insets of the EDS element mappings. The EDS analysis (Figure 4)
revealed that these areas are indeed Ti-rich precipitations, which form at the grain boundaries of the
dendrites during solidification (~5% area fraction in alloy Mo22.5Nb22.5V22.5W22.5Ti10 and ~7% area
fraction in alloy Mo20Nb20V20W20Ti20). The reason for the formation of the dendritic microstructure in
general and the Ti-precipitations in particular lies within the different melting temperatures of the
elements present. As titanium exhibits the lowest melting temperature (Tm ≈ 1660 ◦C) of the alloying
elements used, hence solidifying last, the solidification front is pushing the low viscous residual melt
forward, resulting in a Ti-enriched interdendritic zone [31]. This observation can also be expanded to
vanadium, which exhibits the second lowest melting temperature (Tm ≈ 1910 ◦C), thus experiencing
the same influence (depicted in the EDS mappings in Figure 4). Depending on the alloy composition,
tungsten (Tm ≈ 3420 ◦C), molybdenum (Tm ≈ 2620 ◦C) and niobium (Tm ≈ 2480 ◦C) constitute the
dendritic crystals, respectively, suppressing the remaining alloying elements in the interdendritic
region. If W is present in the alloy (cf. the five-component alloy (Figure 4b), the primary dendrites
mainly consist of it, which is due to the extremely high melting point. If the alloy only contains Mo
and Nb instead of W as high melting components (cf. the four-element alloy (Figure 4a), the primary
dendrites are enriched with both of the aforesaid elements, which can be attributed to the more similar
meting point of the components. The results of the EDS mappings were quantitatively verified by
means of spot analysis in the dendritic (Cd), interdendritic (Cid) and precipitation (Cpr) regions of the
samples (examples regarding alloy Mo25Nb25V25Ti25 and Mo20Nb20V20W20Ti20 are listed in Table 4)
and are overall in good agreement.
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Table 3. Chemical compositions (at.%) of the alloys investigated with standard deviations, determined
by EDS analysis.

Alloy Mo V Nb W Ti

Mo25Nb25V25W25 28 ± 1 21 ± 1 26 ± 1 25 ± 2 -
Mo25Nb25V25Ti25 26 ± 1 24 ± 0.1 26 ± 0.1 - 24 ± 1
Mo30Nb30V30Ti10 31 ± 0.1 28 ± 0.1 31 ± 0.1 - 10 ± 0.2

Mo20Nb20V20W20Ti20 21 ± 1 19 ± 1 21 ± 0.4 20 ± 2 19 ± 1
Mo22.5Nb22.5V22.5W22.5Ti10 26 ± 1 23 ± 0.2 22 ± 0.2 20 ± 0.2 10 ± 0.1

 

Figure 2. SEM backscattered electron (BSE) overview-images of the as-cast microstructures of
Mo25Nb25V25W25 (a), Mo25Nb25V25Ti25 (b), Mo30Nb30V30Ti10 (c), Mo20Nb20V20W20Ti20 (d) and
Mo22.5Nb22.5V22.5W22.5Ti10 (e).
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Figure 3. Microstructural differences in the formation of dendrites across the produced button-shaped
samples, exemplified on alloy Mo25Nb25V25W25.

Figure 4. EDS mappings of the refractory high-entropy alloys (RHEAs) Mo25Nb25V25Ti25 (a) and
Mo20Nb20V20W20Ti20 (b).
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Table 4. Results of the EDS spot analysis in the dendritic (Cd), interdendritic (Cid), and precipitation
(Cpr) areas of alloy Mo25Nb25V25Ti25 and alloy Mo20Nb20V20W20Ti20.

Alloy Area Mo, at.% Nb, at.% V, at.% W, at.% Ti, at.%

Mo25Nb25V25Ti25
Cd 28 28 22 - 22
Cid 16 22 31 - 30

Mo20Nb20V20W20Ti20

Cd 23 19 14 32 12
Cid 19 25 26 11 19
Cpr 2 7 5 2 85

3.4. Mechanical Properties at Room Temperature

The results of the compression tests regarding the obtained compressive yield strength values
(yield strength in the following) vs. the theoretical density of the samples, determined by the formula
to calculate the density of a disordered solid solution [19]:

ρtheor. =

∑
ciAi∑ ciAi
ρi

, (7)

are displayed in Figure 5a. In addition, the obtained hardness values of the RHEAs vs. the theoretical
density are depicted in Figure 5b. The corresponding numerical values as well as the calculated
theoretical densities of the alloys examined are stated in Table 5. Overall, the alloys tested show
relatively high yield strength and low ductility values, which is attributed to the large valence electron
concentration (VEC) [8,32] and are in good agreement with the findings of Senkov et al. [19,20].
Nonetheless, it must be stated that the values considering the compressive yield stress partly show
some major deviations which is attributed to the presence of porosity in the compression samples.
This originates mainly in the manufacturing process. As the specimens were produced by means
of arc melting, process related porosity could not be prevented. The ultra-high melting points of
the elements used complicate the melting process, leading to a highly viscous melt which solidifies
quickly, thus resulting in the present gas porosity and cavities. Referring to the samples of alloy
Mo22.5Nb22.5V22.5W22.5Ti10, the obtained porosity is so significant that it can be determined as the main
failure mechanism, thus the results of alloy Mo22.5Nb22.5V22.5W22.5Ti10 were not taken into account
and are therefore not displayed in the images. By comparing the depicted graphs, it is noticeable that
there is no linear dependency present between the yield strength and the theoretical density of the
alloys in contrast to the measured hardness values and the theoretical density. The yield strength
values of the alloys Mo25Nb25V25Ti25, Mo20Nb20V20W20Ti20 and Mo25Nb25V25W25 are comparable,
while alloy Mo30Nb30V30Ti10 displays the highest value. This observation leads to the assumption that
a reduced Ti-content (10 at.% in alloy Mo30Nb30V30Ti10 vs. 25 at.% in alloy Mo25Nb25V25Ti25 and 20
at.% in alloy Mo20Nb20V20W20Ti20), respectively, and higher content of the elements Mo, Nb and V,
results in a higher compressive yield strength. By showing a relatively low yield strength, however,
alloy Mo25Nb25V25W25 is in contrast to this statement. On the one hand, this can be attributed to the
aforementioned porosity in the Mo25Nb25V25W25 specimens. On the other hand, the high W (25 at.%
W) concentration in the alloy leads to lower concentrations of the strength enhancing components Mo,
Nb and V (compared to alloy Mo30Nb30V30Ti10 f.e.) and the enrichment of W in the dendritic crystals
must be considered. This results in a suppression of the lower-melting elements in the interdendritic
regions, hence generating an imbalance in the element distribution.
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Figure 5. Compressive Yield Stress—theoretical density curve (a) and hardness—theoretical density
curve (b) of the alloys investigated.

Table 5. Theoretical densities of the present HEAs in increasing order, as well as the obtained
compressive yield stress values, the specific compressive yield stress values and the hardness values.

Alloy ρtheor., g·cm−3 σ0.2, MPa σ0.2 spec., MPa·cm3/g Hardness HV10, GPa

Mo25Nb25V25Ti25 7.4 1210 ± 36 164 ± 5 4 ± 0.1
Mo30Nb30V30Ti10 7.9 1441 ± 39 182 ± 5 4 ± 0.2

Mo20Nb20V20W20Ti20 9.8 1289 ± 42 132 ± 4 5 ± 0.1
Mo25Nb25V25W25 11.1 1243 ± 49 112 ± 4 6 ± 0.2

Regarding the macro-hardness of the samples and the density, a clear connection between
the alloying elements can be obtained. Alloy Mo25Nb25V25Ti25 displays the lowest HV10 value as
well as the lowest density, due to the high fraction of Ti. With decreasing Ti content in relation
to the other alloying elements, the hardness of the microstructure increases in correlation with the
density. A significant increase (both in hardness and density) can be examined regarding the alloys
Mo20Nb20V20W20Ti20 and Mo25Nb25V25W25, respectively, which is attributed to the addition of W [19].
Compared to Mo-Nb-V-Ta-Ti alloys investigated by Bei et al. [18] the present results are in good
agreement with their hardness values. Thus, substituting W with Ta reveals similar mechanical
properties in combination with a decreased density and melting point of the alloy.

In order to position the yield strength in relation to the density (hence the W fraction as
it affects the alloys examined the most), the specific compressive yield strengths (SCYS) of the
alloys tested were calculated (Table 5). The calculated values were then compared to the obtained
compressive yield stresses and displayed in Figure 6. The graph clearly demonstrates the influence
of the light elements (mainly Ti, but also V), respectively, the heavy element (W) in the alloy
composition: Alloy Mo25Nb25V25Ti25 exhibits a major gap between the two values, which is
attributed to the proportionally high Ti and V content, resulting in a comparatively high SCYS.
Alloy Mo30Nb30V30Ti10 also shows a, however smaller, increase in the SCYS which still is the highest
value overall (due to the aforementioned high fractions of Mo and Nb). In contrast to the alloys
discussed, alloy Mo20Nb20V20W20Ti20 and alloy Mo25Nb25V25W25 show a decrease in SCYS in relation
to the obtained compressive yield stress, primarily caused by the increased density of both alloys,
thus putting the actual increase in the compressive yield stress into perspective. Comparing the SCYS
values of all alloys it can be stated that an approximation to a linear trend is present (in contrast
to the compressive yield stress values), which leads to an interesting perspective and more faceted
way of comparing the microstructure evolution and the resulting properties of RHEAs such as the
ones investigated.
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Figure 6. Comparison of compressive yield stress and specific compressive yield stress with respect to
the hardness of the alloys tested.

3.5. Comparison with Other Works and Superalloys

A comparison regarding SCYS vs. the hardness of different RHEAs, which were the focus of
published research in recent years by Yao et al. [33,34] and Senkov et al. [20], common Ni-based
superalloys Inconel 718 [35], alloy CMSX-4 [36,37] and alloy Haynes 282 [38] and the alloys investigated
in this work is displayed in Figure 7. Considering the SCYS and the hardness values, the examined
alloys are superior in comparison to the superalloys. Only alloy Mo25Nb25V25W25 shows a lower
SCYS, compared to alloy Inconel 718, however the hardness is significantly higher. In general,
the examined alloys fit in well with the values obtained from the other RHEAs. The Ti-containing alloys
Mo25Nb25V25Ti25 and Mo30Nb30V30Ti10 show the highest SCYS values of all alloys depicted, which can
be attributed to the high Ti and V fractions, thus showing reduced density, compared with the Ta
containing alloys from Yao et al. [33,34]. In comparison, the high W-containing alloy Mo25Nb25V25W25

has the lowest SCYS but highest hardness values of the alloys investigated in this study, similar to alloy
Mo20Nb20V20W20Ta20 by Senkov et al. [20]. Thus, the alloy Mo20Nb20V20W20Ti20 represents a good
compromise between strength and hardness which seems to agree with similar alloy compositions
investigated by Yao et al. [33,34].
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Figure 7. Specific compressive yield stress and hardness of different RHEAs, investigated by
Yao et al. [33,34] and Senkov et al. [20], common Ni-based superalloys [35–38] and the alloys examined
in this work for comparison.

4. Conclusions

The microstructure evolution and mechanical properties of RHEA alloys Mo25Nb25V25W25,
Mo25Nb25V25Ti25, Mo30Nb30V30Ti10, Mo20Nb20V20W20Ti20 and Mo22.5Nb22.5V22.5W22.5Ti10 were
investigated in the present work.

The alloy design was based on thermodynamic calculations regarding the Gibbs free energy
ΔGmix, the entropy of mixing ΔSmix, the enthalpy of mixing ΔHmix and the solid solution prediction
parameter Ω, as well as geometrical effects, considering the difference of atomic radii δr.

XRD analysis showed that all alloys examined have a bcc crystal structure with a lattice parameter
between 3.156 Å (Mo22.5Nb22.5V22.5W22.5Ti10) and 3.174 Å (Mo25Nb25V25Ti25), however, the presence
of a second, Ti-enriched phase could be detected subsequently via SEM observations. The second
phase was not distinguished by the XRD method (no shoulders or modifications of the reflexes as such
were determined) due to the small volume fractions present.

Microstructure analysis demonstrated that the alloys produced show a similar single-phase
dendritic structure, apart from aforementioned alloy Mo20Nb20V20W20Ti20 and alloy
Mo22.5Nb22.5V22.5W22.5Ti10. Deviations in the microstructure-refinement of the different samples
were also obtained, which could be attributed to the cooling conditions during the arc-melting process.

To verify the composition of the samples, EDS spot analysis and mappings were conducted,
which showed a good distribution of the alloying elements overall and an enrichment of high melting
elements in the dendrite crystals vs. an accumulation of elements with a lower melting temperature in
the interdendritic regions.

The mechanical properties of the alloys were obtained by means of room temperature
compression tests and macro-hardness measurements, which revealed various impacts of the
elements involved. The compressive yield strength of the alloys tested is mainly influenced by
the Mo and Nb fraction present (see f.e. alloy Mo30Nb30V30Ti10: σ0.2 = 1440 ± 40 MPa vs. alloy
Mo25Nb25V25Ti25: σ0.2 = 1210 ± 36 MPa). The W fraction primarily influences the hardness of the
alloys; nonetheless, an impact on the compressive yield stress can be obtained regarding alloy
Mo20Nb20V20W20Ti20. The density of the Alloys examined was primarily determined by Ti, V and
W (see alloy Mo25Nb25V25Ti25: highest share of Ti and V, lowest density vs. alloy Mo25Nb25V25W25:
highest share of W, highest density). At this point, the determined porosity which was mainly caused
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by the arc-melting process as such and the highly viscous melt should also be noted. A different
melting process (f.e. cold crucible induction melting) as well as the selection of lower-melting elements
shall be mentioned here as alternatives for samples with reduced porosity/cavities.

Additionally, a comparison between the specific compressive yield strength and the nominal
compressive yield strength has been carried out, which led to a more differentiated relation between the
density (respectively, the content of light elements) and the compressive yield stress vs. the hardness of
the alloys investigated. The calculated specific compressive yield stress values were finally compared
to other RHEAs and Ni-base superalloys by means of a scatter diagram.
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Abstract: The effect of laser beam welding on the structure and properties of a Ti1.89NbCrV0.56

refractory high entropy alloy was studied. In particular, the effect of different pre-heating temperatures
was examined. Due to the low ductility of the material, laser beam welding at room temperature
resulted in the formations of hot cracks. Sound butt joints without cracks were produced using
pre-heating to T ≥ 600 ◦C. In the initial as-cast condition, the alloy consisted of coarse bcc grains
with a small amount of lens-shaped C15 Laves phase particles. A columnar microstructure was
formed in the welds; the thickness of the grains increased with the temperature of pre-heating before
welding. The Laves phase particles were formed in the seams after welding at 600 ◦C or 800 ◦C,
however, these particles were not observed after welding at room temperature or at 400 ◦C. Soaking at
elevated temperatures did not change the microstructure of the base material considerably, however,
“additional” small Laves particles formed at 600 ◦C or 800 ◦C. Tensile test of welded specimens
performed at 750 ◦C resulted in the fracture of the base material because of the higher hardness of the
welds. The latter can be associated with the bcc grains refinement in the seams.

Keywords: high entropy alloys; laser beam welding; microstructure; mechanical properties

1. Introduction

There is a strong need for the development of novel metallic materials, which would be able to
withstand high temperatures for use in critical industries, including aerospace or energy [1]. Meanwhile,
suitable commercial alloys (like Ni-based superalloys) do not provide many opportunities for further
improvements. Therefore, new alloying concepts must be explored. One of the concepts is associated
with so-called high entropy alloys (HEAs)–alloys, composed of several principal components taken in
close to equiatomic proportions [2,3]. These alloys were found to possess some unusual properties
outperforming conventional materials, which makes HEAs attractive for a variety of applications [3–6].

For example, HEAs, that are composed of refractory elements (refractory high entropy alloys
(RHEAs) [7]), were introduced by Senkov and co-workers almost a decade ago [8]. Due to the striking
ability to maintain high strengths at extraordinary high temperatures of ~1600 ◦C [9], RHEAs have
instantly attracted considerable attention from the scientific community. First, RHEAs composed of
Nb, Mo, Ta, V, and W were too heavy: ~12.0–14.0 g/cm3 [8,9]. Such a high density made their potential
usage in the aerospace industry quite questionable, despite the impressive high-temperature strength.
Therefore, significant efforts were undertaken to produce alloys with lower density, but superior
high-temperature strength, by using refractory elements with lower specific gravity like Ti and
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Cr [10,11] and/or by adding light elements like Al [12,13]. Many new alloys with densities in the
range ~5.5–8.0 g/cm3 (i.e., lighter than the Ni-based superalloys) were introduced; some of them
demonstrated highly attractive specific strength at temperatures up to 1200 ◦C [7,14–21].

High (specific) strength itself does not guarantee the applicability of structural materials, since
many other properties are critically important as well [22]. For example, technological properties
of RHEAs, which are essential for different products fabrication, remain mostly unexplored. Some
alloys have demonstrated reasonable workability at room temperature allowing cold rolling to a high
thickness reduction. However, the number of cold-workable RHEAs is quite limited [23–26] so far.
Most RHEAs have quite low ductility at room temperature even in compression and thus can be
processed at high temperatures only [7].

Weldability is another crucial technological property of the structural materials, since welding is
one of the most reliable and efficient ways of joining different parts together. A few studies on welding
of HEAs were reported recently [27–32]. The efficiency of using arc welding [28], laser beam welding
(LBW) [31], electron beam welding [27,28], and friction stir welding [29,30,32] was shown to obtain
sound joints in HEAs with reasonable mechanical properties. However, it should be noted that all of
the studies were focused on welding of HEAs composed of non-refractory elements like Co, Fe, Ni, etc.
Meanwhile, there is no information in the literature on weldability of RHEAs. Therefore, in the present
work we have explored the structure and mechanical properties of the Ti1.89CrNbV0.56 RHEA butt
joints obtained by LBW. This recently introduced RHEA [33] had a low density of 6.17 g/cm3 and can
be cold rolled to a high thickness reduction. The LBW technique was previously used successfully
to join Ti alloys [34–39], and therefore, can be considered a proper welding method for the program
Ti-rich RHEA.

The subject of the present work was to determine suitable parameters and process conditions
for laser beam welding of the RHEA in order to achieve defect-free butt joints. Furthermore, the
microstructure and mechanical properties of the welded joints were characterized. In particular,
differences in microstructure between the weld and the base material were of interest.

2. Materials and Methods

Button-shaped ingots of the Ti1.89CrNbV0.56 alloy measured ~60 mm in diameter and ~12 mm
in height were produced by arc melting in a low-pressure, high-purity argon atmosphere inside a
water-cooled copper cavity. The purities of the alloying elements were no less than 99.9 wt. %. The
actual chemical composition of the alloy as per energy dispersive X-ray analysis (EDX) measurement
with the scan area ~1 mm × 1 mm is presented in Table 1.

Table 1. Chemical composition of the structural constituents of the Ti1.89CrNbV0.56 alloy, in at. %.

Structural Constituent Ti Cr Nb V

Interdendrite 39.8 24.7 24.2 11.3
Alloy 43.7 22.1 22.3 11.9

Specimens for welding measured 40 mm × 15 mm × 2 mm were extracted from the as-cast ingots.
Clear shiny surfaces (Ra–1.8 (according to ISO 1997)) on each side of the plates were obtained by
mechanical polishing. Butt joint LBW was performed using an 8.0 kW continuous wave ytterbium
fiber laser with a fiber optic (300 μm core diameter, 300 mm focal length, 120 mm collimation lens and
750 μm focus diameter). The wavelength of the laser was 1070 nm and the resulting beam parameter
product was 10.6 mm ×mrad. Welding was performed in horizontal position 2 G: the plane of the
specimens was vertical, and the weld seam was horizontal. The weld coupon set-up was mounted
on a linear motion unit, which was positioned in a chamber filled with argon protective gas (the Ar
flow rate was 40 L/min). A heating device was used to pre-heat the specimens before welding in order
to prevent the formation of cracks. Pre-heating temperatures of the specimens were measured by a
thermocouple. Details of the LBW set-up can be found in [39].
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The LBW process was performed using the following process parameters:

• The laser power of 2.5 kW;
• The focus position of 0.0 mm above the specimen surface;
• The welding speed of 5 m/min;
• The pre-heating temperatures before LBW were 400 ◦C, 600 ◦C, and 800 ◦C; LBW at room

temperature was also carried out for the sake of comparison.

The X-ray inspections were used to determine any inner imperfections in the welds, including
porosity and cracks. The structure of the alloy was examined using X-ray diffraction (XRD) analysis,
scanning (SEM), and transmission (TEM) electron microscopy. Specimens for SEM and XRD were
prepared by careful mechanical polishing. XRD analysis was performed using a Rigaku diffractometer
(Rigaku Corporation, Tokyo, Japan) with CuKα radiation. SEM back-scattered electron (BSE) images
were obtained using FEI Quanta 600 FEG microscope (FEI, Hillsboro, OR, USA) equipped with an
EDX detector.

In addition, electron-backscattered diffraction (EBSD) analysis was performed (JEOL JSM-6490LV
(JEOL, Akishima, Japan), EDAX TSL OIM (EDAX Inc, Mahwah, NJ, USA)). EBSD measurements were
conducted at 30 kV, an emission current of 75 μA, a sample tilt angle of 70◦, a working distance of
13 mm and a step size of 2.0 μm. The crystal orientation calculation was based on the generalized
spherical harmonic expansion method, where triclinic sample symmetry could be assumed. The linear
intercept method was used to measure the size of the grains.

The specimen for TEM analysis were prepared by conventional twin-jet electro-polishing of
mechanically pre-thinned to 100 μm foils, in a mixture of methanol (600 mL), butanol (360 mL), and
perchloric acid (60 mL) at −35 ◦C and an applied voltage of 29.5 V. TEM investigations were performed
using JEOL JEM-2100 microscope (JEOL, Akishima, Japan) with an accelerating voltage of 200 kV.

Microhardness profiles across the joint were obtained using an automated Vickers hardness
testing machine (Instron, Norwood, MA, USA). Nanohardness was determined via the Oliver and
Pharr method [40] using Shimadzu DUH-211s Dynamic Ultra Micro Hardness Tester equipped with a
Berkovich indenter (both-Shimadzu, Kyoto, Japan). At least ten indents, per structural constituent
were performed with the maximum load of 50 mN for 5 s; the loading speed was 6.66 mN/s.

Dog-bone-shaped tensile specimens, with a thickness of 0.5 mm, were cut out using an electric
discharge machine from the as-cast and welded specimens. The length and width of the gauge
section were 10, and 2 mm, respectively. In the welded specimens, the seam, located in the center
of the gage, was perpendicular to the loading direction. Tensile tests were carried out on a 5-kN
electro-mechanic universal testing machine (Instron, Norwood, MA, USA) with a constant crosshead
speed. The crosshead displacement was measured with a laser extensometer (Instron, Norwood, MA,
USA). The tests were performed at 750 ◦C, due to the low ductility of the alloy. The specimens were
held at this temperature for 5 min before the onset of the test. The temperature was controlled by the
thermocouple positioned at the center of the specimen gage. Three specimens, in each condition, were
tested and characteristic stress-strain curves were shown.

The equilibrium phase diagram was constructed using Thermo-Calc (version 2019b) software and
a TCHEA3 database (both–Thermo-Calc AB, Solna, Sweden).

3. Results

3.1. Initial Microstructure

The structure of the Ti1.89CrNbV0.56 alloy in the initial as-cast condition consisted of coarse bcc
grains with noticeable dendritic segregations (Figure 1a). The average size of the bcc grains was
~280 μm. However, both relatively fine (~100 μm) and very coarse (~500 μm) grains could also be
found (Figure 1b). The grains had mostly an irregular shape with curved boundaries. As per chemical
analysis the dendritic areas (light ones) were enriched with Ti, while the inter-dendritic space (darker
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areas) were enriched with Cr and Nb (Table 1). In addition, a small amount (~1%) of lens-shaped second
phase particles were found predominantly in the inter-dendritic areas (see the high magnification
insert in Figure 1a). According to XRD (Figure 1c) and taking into account previous results for the
same alloy [33], these particles can be identified as the C15 (cubic) Laves phase. Note that the presence
of the C15 Laves particles with a similar morphology was recently revealed in the Cr10Nb30Ti30Zr30

alloy [41]. Small size of the particles (width less than 0.5 μm) did not allow identification of their
chemical composition with SEM-EDX system reliably, however these particles were enriched with Cr
and Nb.

  
(a) (b) 

(c) 

Figure 1. Structure of the Ti1.89CrNbV0.56 alloy in the initial as-cast condition: (a) SEM-BSE image;
(b) crystal orientation map; (c) XRD pattern.

3.2. Microstructure after Welding

Figure 2 shows the results of X-ray inspections. Well-shaped homogeneous welds were achieved
at room and at all pre-heating temperatures. Butt joints welded at room temperature showed several
cracks perpendicular to the welding direction (Figure 2a). Specimens welded at 400 ◦C showed only a
single crack in the central part of the specimen (Figure 2b). No cracks were identified after welding at
600 ◦C or 800 ◦C (Figure 2c,d). The present results show that the tendency to hot cracking decreases
with an increase in the pre-heating temperature before welding.
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Figure 2. Radiographs of butt joints welded at room temperature (a) or at different pre-heating
temperatures; (b) 400 ◦C; (c) 600 ◦C, and (d) 800 ◦C.

Grain structure of the welds obtained at different pre-heating temperatures was examined using
EBSD technique (Figure 3); the dependence of the transversal size of the bcc grain on the pre-heating
temperature is shown in Figure 4. In general, the microstructure of the welds is typical of metallic
ingots [42]. After welding at room temperature, a columnar type structure was mainly formed in the
weld (Figure 3a). The average width of the grains was ~27 μm (Figure 4); the long axis of the grains was
oriented perpendicularly to the joint. At the fusion line between the fusion zone and the heat-affected
zone fine (~10 μm), nearly equiaxed grains can be found. These grains were obviously formed at the
initial stages of liquid metal solidification due to rapid heat transfer towards the “cold” base metal.
Some coarse (~50 μm), nearly equiaxed grains were found at the center of the weld. An increase in the
pre-heating temperature to 400 ◦C resulted in the formation of a more equiaxed structure (Figure 3b)
with the average width of the columnar grains of ~40 μm (Figure 4). However, the microstructure had
the same morphology typical of metallic ingots: Fine and coarse equiaxed grains at the fusion line
between the fusion zone and heat-affected zone, and in the center of the weld, respectively, separated
by a columnar grains region. Further increase in the pre-heating temperature during welding resulted
in some coarsening of the microstructure (Figure 3c,d). For example, the average width of the columnar
grains was ~50 μm or ~70 μm after welding at 600 ◦C or 800 ◦C, respectively (Figure 4).

 

(a) 

 

(b) 

Figure 3. Cont.
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(c) 

 

(d) 

Figure 3. Crystal orientation maps of butt joint cross-section (seams are vertical in all cases) obtained by
laser beam welding (LBW) with different pre-heating temperatures: (a) Room temperature; (b) 400 ◦C;
(c) 600 ◦C; (d) 800 ◦C.

Figure 4. Dependence of the transversal size of the columnar grains inside the welds on the
pre-heating temperature.

SEM images of the welding zone are presented in Figure 5. One can see that the dendritic structure
survived after welding. However, the width of the dendrite arms and the distance between them
gradually increased with the pre-heating temperature, due to lower cooling rates of the melted alloy
during solidification. In addition to the changes in the scale of dendrite structure, the pre-heating
temperature affected the phase structure of the alloy in the weld. No second phase particles were
detected in the samples welded at room temperature or 400 ◦C (see high magnification inserts
in Figure 5a,b). An increase in the pre-heating temperature resulted in the Laves phase particles
precipitation predominantly nearby the inter-dendritic areas (Figure 5c,d). The size and fraction of
the particles also increased with the pre-heating temperature. Note that the XRD patters showed the
presence of the Laves phase in all conditions (Figure 1c). However, these particles were most likely
located in the base material (see below).
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(a) 

 

(b) 

 

(c) 

 

(d) 

Figure 5. SEM-BSE images of the welding zone after LBW at different pre-heating temperatures:
(a) room temperature; (b) 400 ◦C; (c) 600 ◦C; (d) 800 ◦C.

Figure 6 shows SEM-BSE images of the base material taken far enough (~5 mm) from the welds.
In the specimens welded at T ≤ 400 ◦C (Figure 6a,b) the microstructure was nearly identical to that in
the initial as-cast state (Figure 1a) and was presented by the dendritic segregations with the embedded
lens-shaped Laves particles in the bcc coarse-grained matrix. The microstructures of the specimens
welded at 600 ◦C or 800 ◦C (Figure 6c,d) contained in addition fine dark precipitates located nearby the
lens-shaped Laves particles. The fraction of these “additional” particles increased considerably with
an increase in the pre-heating temperature from 600 ◦C to 800 ◦C. Further TEM investigation revealed
that these particles were also in the C15 Laves phase (Figure 7).
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(a) 

 

(b) 

 

(c) 

 

(d) 

Figure 6. SEM-BSE images of the base material in specimens subjected to LBW at different pre-heating
temperatures: (a) room temperature; (b) 400 ◦C; (c) 600 ◦C; (d) 800 ◦C.

 

Figure 7. TEM bright-field image of the base material in the specimen after LBW at the pre-heating
temperature of 800 ◦C.
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3.3. Mechanical Properties

Figure 8 shows microhardness profiles across the weld obtained at room (Figure 8a) or elevated
pre-heating temperatures (Figure 8b). There is no significant variation in the hardness profiles
depending on the measurement location (radiation exposure side, half-thickness, or weld root side)
after welding at room temperature (Figure 8a). The hardness increases from 475 HV in the base material
to 550 HV in the fusion zone after welding at room temperature. An increase in the pre-heating
temperature during welding slightly decreased the hardness of the base material until it reached 450
HV after welding at 800 ◦C. However, the pre-heating temperature had a much more pronounced
effect on the fusion zone hardness. The differences between the base material and fusion zone hardness
became lower with an increase in the pre-heating temperature, and no hardness gradient can be
detected after welding at 800 ◦C (Figure 8b).

(a) (b) 

Figure 8. Microhardness profiles across the weld: (a) at room temperature along radiation exposure
side (blue line), half-thickness (red line) and weld root side (green line); (b) at different pre-heating
temperature before welding along the half-thickness line.

To get a better understanding of the welding conditions effect on the mechanical properties of the
alloy, tensile tests were performed. Tensile stress-strain curves obtained at 750 ◦C for the as-cast and
laser beam welded at 400–800 ◦C specimens are shown in Figure 9. Note that the specimens welded
at room temperature were not tested, since the seams contained numerous cracks (Figure 2a) and
therefore could not show suitable properties. The as-cast alloy also fractured in the elastic region at
250 Mpa without any tensile ductility (Table 2). After LBW at 400 ◦C, the alloy demonstrated almost
the same behavior. An increase in the pre-heating temperature before welding to 600 ◦C resulted in a
drastic decrease in the fracture stress to 45 Mpa. However, after 800 ◦C the alloy showed reasonable
ductility of ~10%. The yield strength of this condition was 265 Mpa; after a short hardening stage,
and by reaching the ultimate tensile strength of 285 Mpa, an extensive softening stage associated with
strain localization was observed. In all cases, fractures occurred in the base material.
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Figure 9. Engineering stress-strain curves of the Ti1.89NbCrV0.56 alloy tensioned at 750 ◦C in the as-cast
state and after LBW at 400, 600 or 800 ◦C.

Table 2. Mechanical properties (YS—yield strength, UTS—ultimate tensile strength, FS—fracture stress,
δ—elongation to fracture) of the Ti1.89NbCrV0.56 alloy obtained by tensile tests at 750 ◦C in the as-cast
state and after LBW at 400, 600 or 800 ◦C.

Condition YS, Mpa UTS (or FS), Mpa δ, %

As-cast - (250) 0
LBW 400 ◦C - (255) 0
LBW 600 ◦C - (45) 0
LBW 800 ◦C 265 285 10.4

Fracture surfaces of laser beam welded specimens at 400 ◦C or 800 ◦C after tensile tests were quite
different (Figure 10). At the lower pre-heating temperature during welding, a typical brittle fracture
with cleavage planes and river pattern on some facets, was observed. Secondary cracks were formed
along some grain boundaries. At the higher pre-heating temperature (800 ◦C) the character of fracture
became more ductile; the fracture surface was consisted of relatively small (~5 μm) dimples due to
void coalescence.

(a) (b) 

Figure 10. Fracture surfaces of the tensile specimens after LBW at different pre-heating temperatures:
(a) 400 ◦C; (b) 800 ◦C.

4. Discussion

In this work, a butt joint of the Ti1.89CrNbV0.56 RHEA, using laser beam welding, was successfully
produced for the first time. Due to a high melting temperature and brittleness of the material, LBW was
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performed at different pre-heating temperatures from room temperature to 800 ◦C to prevent the
formation of hot cracks. Apparently, the pre-heating temperature affected both the microstructure and
mechanical properties of the welded specimens significantly.

The initial, as-cast microstructure was quite heterogeneous and consisted of coarse bcc matrix grains
with the lens-shaped Laves phase particles (Figure 1). LBW has obviously affected the morphology
of the bcc grains in the welding zone (WZ) (Figure 3). The grains became elongated in the direction
normal to the laser beam, and the width of these grains increased with pre-heating temperature, most
likely due to enhanced mobility of grain boundaries at higher pre-heating temperatures. In addition,
LBW at the lower pre-heating temperatures (room temperature and 400 ◦C) has resulted in the Laves
phase particles disappearance (Figure 5a,b). The formation of these particles in the alloy deserves a
more detailed analysis. The equilibrium phase diagram for the alloy constructed by the Thermo-Calc
software is presented in Figure 11.

Figure 11. Phase diagram of the Ti1.89NbCrV0.56 alloy constructed using the Thermo-Calc software
(BCC—body-centered cubic structure; HCP—hexagonal close packed structure).

The alloy is supposed to have a single bcc phase structure starting from the solidus temperature of
~1500 ◦C till ~1000 ◦C; the latter corresponds to the onset of the Cr-rich C15 Laves phase precipitation.
The fraction of the Laves phase increased with a decrease in temperature. Finally, at T ≈ 500 ◦C a
Ti-rich hcp phase precipitated. The presence of the Laves phase in the initial as-cast condition can be
most probably associated with a rather low cooling rate of relatively big ingots of the alloy that was
not enough to “freeze” the high-temperature single-phase structure. In turn, faster cooling rates of the
alloy, during the welded material solidification, prevented the formation of the Laves particles in the
case of LBW at room temperature or 400 ◦C. During welding at higher pre-heating temperatures, the
cooling rate is slower thereby allowing the Laves particles precipitation.

Also, annealing at 800 ◦C resulted in the precipitation of “additional” Laves particles in the base
material after welding at pre-heating temperature of 600 ◦C or 800 ◦C. The formation of the particles
can be attributed to the decomposition of the supersaturated bcc solid solution during holding at
elevated temperatures (Figure 11). Note that the particles precipitated in the inter-dendritic areas were
observed mainly nearby the coarser particles, inherited from the as-cast condition. The Laves phase in
this alloy is supposed to be composed of Cr and Nb predominantly [33] and, therefore, the “additional”
particles formed in the inter-dendritic areas which were rich in these elements (Table 1), similarly to
the Laves phase particles formation in the NbCrMo0.5Ta0.5TiZr alloy [43].

Mechanical properties of the Ti1.89NbCrV0.56 alloy were found to be strongly sensitive to the
welding conditions. A noticeable increase in the fusion zone hardness, as well as the variation in
the hardness with the temperature during welding (Figure 8b), can be attributed to the bcc matrix
grain size as a function of pre-heating temperature (Figure 4). The relationship between the average
hardness and average grain size in the fusion zone shown in Figure 12 suggests that the Hall-Petch
mechanism is active.
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Figure 12. Relationship between the hardness and grain size in the fusion zone.

Due to the higher hardness of the weld, welded specimens fractured in the base material section
during tensile tests. This type of behavior was observed earlier in other welded HEAs [44]. However,
the welding conditions strongly influenced on tensile behavior; for example, specimens welded at
T ≤ 600 ◦C exhibited brittle fracture even at 750 ◦C while the alloy welded at 800 ◦C showed reasonable
ductility (Figure 9, Table 2). One of the reasons for the increased ductility can be associated with the
formation of a less defect structure (in terms of cracks) with an increase in the pre-heating temperature
before welding (Figure 2).

The “additional” Laves particles precipitation after welding at 800 ◦C can also provoke an increase
in ductility. It is generally believed that the second phase particles precipitation should result in
strengthening. However, in the present case nano-hardness of the particles-containing areas (480 HV)
was found to be lower than that of the particle-free zone (560 HV) after welding at 800 ◦C. This result
can most likely be related to (i) lower solid solution hardening of the bcc matrix due to depletion in Cr
and Nb [11,33] and (ii) low (er) hardness of the Laves phase itself [33]. That is why the Laves phase
particles precipitation in the present alloy resulted in both some softening and an increase in ductility
after welding at 800 ◦C. It should be also noted, that the size of the facets in Figure 10b is correlated
with the size of precipitation-free areas (Figure 5d) thereby suggesting that the more ductile behavior
can be associated with a temporary crack arrest in these Cr and Nb depleted regions.

The obtained results demonstrate for the first time the possibility to produce sound butt joints of
the Ti1.89NbCrV0.56 RHEA by LBW, which is an important step toward potential practical applications
of this new class of metallic alloys. However, the present study also emphasized the importance
of LBW process parameters (particularly pre-heating temperature) to obtain good results, which is
quite different from the transition metals HEAs [27–32,44,45]. Given the wide range of the available
RHEAs compositions [7], specific attention should be paid to select proper welding conditions for each
individual alloy.

5. Conclusions

In this work, laser beam welding, at different pre-heating temperatures, was successfully used to
produce butt joints of the Ti1.89NbCrV0.56 refractory high entropy alloy. The following conclusions
were drawn:

1. The as-cast Ti1.89NbCrV0.56 alloy had a coarse-grained bcc structure with a small amount of
lens-shaped C15 Laves phase particles. Welding at room temperature or using the pre-heating
temperature of 400 ◦C did not result in the formation of the Laves phase particles in the seams.
However, these particles were found after welding with the pre-heating temperature of 600 ◦C
or 800 ◦C. Newly crystallized bcc grains in the welds were mostly elongated; their thickness
increased with an increase in the pre-heating temperature. The structure of the base material
did not change noticeably after welding except for the “additional” Laves particles precipitation
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after soaking at 600 or 800 ◦C during LBW. Cracks were observed in the weld after LBW at room
temperature or at 400 ◦C.

2. Specimens welded at the pre-heating temperature of 800 ◦C demonstrated reasonable tensile
ductility at 750 ◦C; welding at the lower pre-heating temperatures resulted in brittle fracture
during tension. Fracture in all cases occurred in the base material. The hardness of the weld was
higher than that of the base material due to the bcc grains refinement.
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Abstract: Developing cost-effective soft magnetic alloys with excellent mechanical properties is
very important to energy-saving industries. This study investigated the magnetic and mechanical
properties of a series of (Fe0.3Co0.5Ni0.2)100−x(Al1/3Si2/3)x high-entropy alloys (HEAs) (x = 0, 5,
10, 15, and 25) at room temperature. The Fe0.3Co0.5Ni0.2 base alloy composition was chosen
since it has very the smallest saturation magnetostriction coefficient. It was found that the
(Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy maintains a simple face-centered cubic (FCC) solid solution
structure in the states of as-cast, cold-rolled, and after annealing at 1000 ◦C. The alloy after annealing
exhibits a tensile yield strength of 235 MPa, ultimate tensile strength of 572 MPa, an elongation of 38%,
a saturation magnetization (Ms) of 1.49 T, and a coercivity of 96 A/m. The alloy not only demonstrates
an optimal combination of soft magnetic and mechanical properties, it also shows advantages of
easy fabrication and processing and high thermal stability over silicon steel and amorphous soft
magnetic materials. Therefore, the alloy of (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 holds good potential as
next-generation soft magnets for wide-range industrial applications.

Keywords: high-entropy alloy; soft magnetic properties; mechanical properties; saturation
magnetostriction coefficient; face-centered cubic (FCC) structure

1. Introduction

Contrasted to the traditional alloy design concept that is based on one or two major elements,
high-entropy alloys (HEAs) usually contain four or more major elements, and the content of each major
element is above 5 at% [1–10]. The high configurational entropy of the HEAs tends to promote forming
the solid solution phases with the face-centered cubic (FCC) [11–15], body-centered cubic (BCC) [16,17],
and hexagonal-close-packed (HCP) structures [18–20], as well as dual solid-solution phases [21–23].
The composition of HEAs is generally near the center of the multi-component phase diagram, and
hence it is difficult to distinguish the solvent from the solute. The following 5 characteristics are
typically and have been verified for the HEAs [4,24,25]:
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(1). high thermal stability and resistance to heat softening;
(2). easier to break the tradeoff between strength and ductility;
(3). very low stacking-fault energy;
(4). high irradiation resistance;
(5). high corrosion resistance.

Consequently, HEAs show promising potentials for wide ranges of industrial applications and
the HEA concept is considered to be one of the three major breakthroughs in alloying theory [3].

To date considerable research efforts on HEAs focus on their microstructures and mechanical
properties [26–31] while there is rising interest in developing high-entropy soft magnetic
materials [32–40]. Magnetic materials play a fundamental role in transformers, motors, electromagnets,
and other power industries [41]. Common soft magnetic alloys include silicon steel, ferrite, iron-nickel
alloys, and bulk metallic glasses. However, to date many challenges still remain for energy-saving
and high-performance applications. For example, it is time-consuming to produce and process
silicon-steels [42]. Ferrite has low magnetization, iron-nickel alloy has low resistivity, and bulk metallic
glass are inherently brittle and are also limited to small size [43,44]. Recent studies have shown that
FeCoNiAlSi-based and FeCoNiMnAl-based HEAs exhibit high saturation magnetization which open
up new research directions of soft magnetic materials [45]. However, the coercivity of HEAs is a
bit high, for example, the coercivity of FeCoNi(Al,Si)0.2 alloy is 1400 A/m [46]. It is known that the
magnetic properties of HEAs are sensitive to the alloy system and the composition, the phase crystal
structures, and the microstructure.

In terms of soft magnetic materials, the most important characteristic is high permeability, high
saturation induction, low core loss and low coercivity. In this study, ferromagnetic elements Fe, Co,
and Ni were selected as the main constituents of the alloy system [47]. The base alloy composition
Fe0.3Co0.5Ni0.2 was chosen since the alloy has a close-to-zero saturation magnetostriction coefficient
(λs) as shown in the Co-Fe-Ni ternary system (Figure 1). To balance soft magnetic and mechanical
properties, Al and Si in small amount was added to Fe0.3Co0.5Ni0.2, and the resulting materials
properties of the (Fe0.3Co0.5Ni0.2)100−X(Al1/3Si2/3)X (X = 0, 5, 10, 15, and 25) high entropy alloys were
studied systematically. It was found that the (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy exhibits excellent soft
magnetic properties. The alloy has small coercivity of 96 A/m, and the saturation magnetic induction
(Bs) and the saturation magnetization (Ms) reached 1.55 T and 1.49 T, respectively. The alloy in the
as-cast state also shows an excellent tensile elongation up to 25% and a yield stress of 122 MPa at
room temperature.
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Figure 1. The saturation magnetostriction (λs) of the Co-Fe-Ni bulk ternary alloys at room temperature.

2. Materials and Methods

2.1. Alloys Preparation

Al, Co, Cr, Fe, and Ni elements with purities of greater than 99.5 wt.% were used to prepare
(Fe0.3Co0.5Ni0.2)100−X(Al1/3Si2/3)X alloys ingots using vacuum arc melting (VAM) and magnetic
levitation melting (MLM). The alloys were remelted five times in order to improve the chemical
homogeneity. The ingot of the maglev melted alloy is cut into a plate with a thickness of 6 mm.
Then the plate was cold rolled to a thickness of 1 mm (i.e., thickness reduction of 83%) by multi-pass
rolling, with 0.5 mm reduction for each step. Subsequent annealing heat treatment was performed at
1000 ◦C for 2 h followed by water quenching or furnace cooling.

2.2. Structural Characterization and Performance Experiments

The crystal structures of the ingots were measured by a Smart Lab X-ray diffractometer
(Bruker D8, Karlsruhe, Germany), using Cu-Kα radiation. The electron backscatter diffraction
(EBSD) was carried out by a field emission scanning electron microscope (ZEISS SUPRA 55, Jena,
Germany). Room temperature compression and tensile tests were conducted on a CMT Model 4305
Universal Electronic Tester with a strain rate of 1 × 10−3 min−1. A hysteresis loop and hysteresis
loss curve were obtained by PPMS (physical property measurement system) and VSM (Vibrating
Sample Magnetometer) at room temperature. The four-point method was used for measuring the
electrical resistance.

3. Results

Figure 2 shows the XRD profiles of (Fe0.3Co0.5Ni0.2)100−X(Al1/3Si2/3)X HEAs, (X = 0, 5, 10, 15, and
25). When X = 0, 5, and 10, the alloys possess a simple FCC structure. When X reaches 15, BCC phase
appears and the alloy exhibits an FCC + BCC dual-phase structure. When the (Al1/3Si2/3) content
increases to 25, the FCC phase disappears and only BCC phase was detected. Al has a much larger
atomic radius than the transition metal elements of the alloys and it is known as a potent BCC phase
stabilizer in steels. Figure 3 shows the hysteresis loops of the (Fe0.3Co0.5Ni0.2)100−X(Al1/3Si2/3)X series
alloys at room temperature. The saturation magnetization of these alloys decreases gradually from
168.06 Am2/kg to 116.48 Am2/kg with increasing (Al1/3Si2/3) contents.
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Figure 2. X-ray diffraction (XRD) patterns of (Fe0.3Co0.5Ni0.2)100−X(Al1/3Si2/3)X high-entropy alloys
(HEAs) prepared using arc melting.

 
Figure 3. The hysteresis loops of (Fe0.3Co0.5Ni0.2)100−X(Al1/3Si2/3)X HEAs at room temperature.

The variation of the coercivity (Hc) and saturation magnetization (Ms) are shown in Figure 4.
When X ≤ 10, the alloys maintain the FCC structure, and the coercivity increases with increasing Al
and Si contents, increasing from 888 A/m to 1194 A/m. With higher Al and Si contents, the alloys
become BCC dominant, and the Hc drops to 921 A/m when X = 15 but increases to 990 A/m when X =
25. Within a specific crystal structure, increasing Al and Si contents increase the atomic size difference
and hence lattice distortion and coercivity.
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Figure 4. The variation of coercivity and saturation magnetization of (Fe0.3Co0.5Ni0.2)100−X(Al1/3Si2/3)X

HEAs as a function of Al and Si contents.

The compression stress–strain behavior of (Fe0.3Co0.5Ni0.2)100−X(Al1/3Si2/3)X alloys is shown in
Figure 5, and the corresponding yield stress and plastic strain are summarized in Table 1. In general,
the yield stress of the alloys increases with increasing the (Al1/3Si2/3) content. When X = 5, the
alloy maintains good plasticity with certain work hardening ability, and no fracture occurred during
compression test. When X ≥ 15, the yield stress increases rapidly with a large reduction in plasticity.

 
Figure 5. The compressive stress-strain curves of (Fe0.3Co0.5Ni0.2)100−X(Al1/3Si2/3)X HEAs at
room temperature.
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Table 1. The magnetic properties and compression behavior of (Fe0.3Co0.5Ni0.2)100−X(Al1/3Si2/3)X high
entropy alloys at room temperature.

Alloys
Hc

(A/m)
Ms

(Am2/kg)
σ0.2 (MPa) σmax (MPa)

εp

(%)

X = 0 887.93 168.06 96 - >20
X = 5 1158.37 153.45 122 - >20
X = 10 1194.29 130.97 116 - >20
X = 15 921.25 117.10 243 - >20
X = 25 990.48 116.48 1445 2050 2.71

The variation of mechanical properties is attributed to the different phase structures and
microstructures. Dissolution of Al and Si in the FCC lattice of transition metals of Fe, Co, and
Ni causes severe lattice distortion, contributing to pronounced solid solution strengthening. However,
excessive addition of Al and Si promotes the formation of BCC phase, and the strength of the alloy
increases rapidly at the cost of significantly reduced plasticity. Similar trend on the effect of Al contents
on the phase stability and mechanical properties of high entropy alloys is reported by Tang et al [48].

For industrial applications, it is necessary for HEAs to possess not only good soft
magnetic properties, but also acceptable plastic deformation ability. The newly-designed
(Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy in the present study has shown good potential for industrial
application as high-performance soft magents. The saturation magnetization of the alloy reaches
153.45 Am2/kg and the resistivity is about 60.3 μΩ·cm. Besides, it also shows satisfactory ductility.
A comprehensive characterization of the aloy is presented in the following sections.

Figure 6 shows the macroscopic appearance of (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy by vacuum
magnetic suspension melting and the sheet after cold-rolled. Figure 7 shows the X-ray diffraction
pattern of the alloy in the as-cast, cold-rolled, water quenching, and furnace cooling states after heat
treatment. A simple FCC structure can be clearly identified in all states while a small peak at around
30 degrees appears in the as-cast and furnace-cooled states.

  

Figure 6. The macroscopic appearance: (a) (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy ingot prepared by
maglev melting, (b) cold-rolled sheet.

Figure 8 presents the EBSD images of the (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy in different
conditions. The as-cast (Figure 8a) alloy shows a coarse column grain microstructure with the column
width of ~1000 μm. After cold-rolling (83% thickness reduction), the grains are significantly elongated
(Figure 8b). Annealing at 1000 ◦C caused complete recrystallization and the resulting grain sizes were
significantly smaller than in the as-cast and cold-rolled states (Figure 8c,d). Annealing also introduced
the formation of a large number of annealing twins but there was no preferred grain orientation
observed. Under the condition of furnace cooling, the average grain size is ~30 μm.
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Figure 7. XRD spectra of the (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy produced using maglev melting
at different states: As-cast, cold rolling, and annealing at 1000 ◦C followed by furnace cooling or
water quenching.

 
Figure 8. Electron backscatter diffraction (EBSD) images of the (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy:
(a) as-cast, (b) cold rolling, (c) water quenching, and (d) furnace cooling after annealing at 1000 ◦C.

Figure 9 shows the annular samples of the (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy for magnetic
induction-coercivity (B-H) measurement. Figure 10 shows the B-H and magnetization-coercivity (M-H)
curves of the alloy in the states of as-cast (magnetic suspension melting), cold-rolled, water cooling,
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and furnace cooling after heat treatment, respectively. The soft magnetic properties of the alloy in the
cold rolled variant are the worst. After the annealing treatment, the coercivity decreased from 510 A/m
to 130 A/m due to internal stress release, and the saturation magnetic induction (Bs) improved from
1.14 T to 1.58 T. However, the saturation magnetization is almost constant under cold rolling and
heat treatment conditions, which is about 1.49 T. Note that the coercivity of the alloy under vacuum
magnetic suspension melting (96 A/m) is significantly lower than that of arc melting (>1000 A/m).
The vacuum magnetic suspension melting method is cleaner than arc melting, and causes less oxide
inclusions or other impurity in the ingot, and hence introduces much fewer magnetic domain pinning
points in the alloy, leading to lower coercivity.

Figure 11 shows the hysteresis loss curve of the (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy in different
states. Under the power frequency conditions (50 Hz 1 T), the hysteresis loss (Ps) of the alloy in
the states of as-cast, cold-rolled, water cooling, and furnace cooling after annealing is 3.13 W/kg,
8.91 W/kg, 4.26 W/kg, and 4.43 W/kg, respectively. In the application of soft magnetic materials,
hysteresis loss energy will convert into heat, which will increase the temperature of the equipment and
reduce working efficiency. Therefore, the hysteresis loss should be kept as small as possible.

Figure 12 presents the room temperature tensile stress-strain curves of the
(Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy in the as-cast, cold-rolled, and annealed states. The specific values
are listed in the Table 2. It shows that the as-cast alloy has the lowest strength, but with satisfactory
ductility up to 25% elongation at room temperature. For the cold-rolled alloy, it has the lowest
elongation of 1.3% but the highest yield and fracture stresses due to the work hardening.

Table 2. The magnetic properties and tensile behavior of (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 in
different states.

(Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5
Hc

(A/m)
Ms
(T)

σ0.2 (MPa) σmax (MPa)
εp

(%)

Magnetic levitation melting 96 1.49 176.1 402.4 26.8
Cold rolling 510 1.48 779.6 917.7 1.3

Water quenching 130 1.40 261.5 558.3 38.3
Furnace cooling 165 1.47 235.5 572.4 33.2

Figure 9. The annular samples that were machined for magnetic induction-coercivity (B-H)
measurements: Inner diameter is 18 mm, outer diameter is 20 mm, and thickness is 0.3 mm.
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Figure 10. (a) magnetic induction-coercivity (B-H) and (b) magnetization-coercivity (M-H) (sample
size: 1 × 1 × 4 mm3) curves of (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloys in the as-cast, cold rolling, and
annealed states.

Magnetic materials have been developed for decades. As is well known, silicon steel is most
widely used as soft magnetic material at relatively low price. However, the complex production
process and large energy consumption restrict its application range [43]. New materials, such as
amorphous and nanocrystalline soft magnetic materials, also have excellent soft magnetic properties,
but their applications are limited by their poor mechanical properties and thermal stability. In contrast,
the high entropy soft magnetic material such as (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 as identified in the
present study can make up for the deficiency of silicon steel and amorphous soft magnetic material.
It has simple preparation process and stable crystal structure, and it also has balanced magentic and
mechanical properties. It can be seen from Figure 13, the (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy reported
in this study (marked by the star) presents better magnetic properties than other soft magnetic high
entropy alloys.
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Figure 11. Power loss curves of the (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy: (a) as-cast, (b) cold rolled, (c)
water quenching, and (d) furnace cooling after annealing at 1000 ◦C.

 
Figure 12. Tensile stress-strain curves of the (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloys in the as-cast, cold
rolling and annealed states.
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Figure 13. The saturation magnetization and intrinsic coercivity of the ((Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5

alloy (marked by the red star) compared with other HEAs, amorphous metals and commercialized soft
magnets compiled by Gao et al. Reproduced from [40] with permission of Cambridge University Press.

The relationship between magnetostrictive coefficient and coercivity of alloys for amorphous
metals and HEAs reported in the literature is presented in Figure 14. This relationship indicates
that identifying alloys with minimum saturation magnetostriction coefficient while optimizing the
processing to lower coercivity is very important in developing soft magnetic materials.

Figure 14. The relationship between saturation magnetostrictive coefficient and coercivity of
amorphous alloys and HEAs (data from [46,47,49–52]).
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4. Conclusions

Aiming to develop high-performance soft magnets, the magnetic and mechanical properties
of a series of (Fe0.3Co0.5Ni0.2)100-X(Al1/3Si2/3)X high-entropy alloys (X = 0, 5, 10, 15, and 25) were
systematically investigated in this study. The main conclusions are drawn as follows:

(1) The Fe0.3Co0.5Ni0.2 base alloy was chosen since it has very small saturation
magnetostriction coefficient.

(2) The alloys in the as-cast state maintain an FCC solid solution structure when X ≤ 10.
More addition of Al1/3Si2/3 causes formation of BCC phase. The overall trend is that increasing
Al1/3Si2/3 contents increases the strength of the alloy at the cost of reduced ductility.

(3) The (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy was prepared via maglev melting and then underwent
cold-rolling and subsequent heat treatment. The alloy shows high saturation magnetic induction
and saturation magnetization. The lower coercive force (about 100 A/m) is found in as-cast and
annealed states. The hysteresis loss at low power frequency is about 3-4.5 W/kg.

(4) The (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy in the as-cast and after annealing exhibits considerable
deformation ability (ductility up to 25% and 38% elongation, respectively) at room temperature.

(5) The (Fe0.3Co0.5Ni0.2)95(Al1/3Si2/3)5 alloy shows high saturation magnetic induction intensity,
low coercivity, and excellent ductility. Hence, it holds good potential as next-generation
high-performance soft magnetic materials for wide ranges of energy-saving applications.
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Abstract: Recent studies have suggested that high-entropy alloys (HEAs) possess high fracture
toughness, good wear resistance, and excellent high-temperature mechanical properties. In order
to further improve their properties, a batch of TiC-reinforced FeCoNiCuAl HEA composites were
fabricated by mechanical alloying and spark plasma sintering. X-ray diffractometry analysis of the
TiC-reinforced HEA composites, combined with scanning electron microscopy imaging, indicated
that TiC particles were uniformly distributed in the face-centered cubic and body-centered cubic
phases. The room temperature hardness of the FeCoNiCuAl HEA was increased from 467 to 768 HV
with the addition of TiC, owing to precipitation strengthening and fine grain strengthening effects.
As the TiC content increased, the friction coefficient of the FeCoNiCuAl HEA first increased and then
decreased at room temperature, due to the transition of the wear mechanism from adhesive to abrasive
behavior. At higher temperature, the friction coefficient of the FeCoNiCuAl HEA monotonously
reduced, corresponding well with the transition from adhesive wear to oxidative wear.

Keywords: high-entropy alloy; TiC; tribological properties; wear mechanism

1. Introduction

In recent years, a novel class of solid-solution metallic alloys, named high-entropy alloys (HEAs)
or multi-primary element alloys (MPEAs), has attracted widespread attention [1]. They usually contain
five components ranging from 5% to 35% (atomic percentage, at%). Compared to traditional alloys,
the HEAs exhibit various excellent properties in their strength, wear resistance, thermally-stable
microstructure, oxidation, and corrosion resistance [2–4], indicating large potential applications at high
temperature in engineering fields.

The microstructures and properties of the FeCoNiCuAl HEA have been widely studied over the
past decade [5–7]. The addition of the aluminum (Al) element can not only increase lattice distortion
and elastic energy, but also promote the formation of the body-centered cubic (BCC) phase. Therefore,
it is helpful to increase the strength and hardness of HEAs. Simultaneously, the density of HEAs is
significantly reduced by adding lightweight aluminum. Moreover, the addition of the copper (Cu)
element can stabilize the face-centered cubic (FCC) phase and improve the hardness, ductility, and
wear resistance of HEAs [8,9]. Recently, it was reported that the addition of Cu can reduce the wear
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rate of CoCrFeNiCux HEAs at both room temperature and elevated temperatures, and wear resistance
at elevated temperatures is promoted more significantly than that at room temperature due to their
self-lubricating mechanism [10].

However, the major challenge for practical applications of the FeCoNiCuAl HEA is its insufficient
strength. Recent studies have indicated that the precipitation of reinforcing phases in various
materials, such as HEAs and ceramics, can further increase the yield strength of the alloy while
maintaining relatively high ductility [11–13]. For instance, the precipitation of SiC nanoparticles in
FeCoCrNiMn enhanced the compressive yield strength from 1180 to 1480 MPa at room temperature [14].
The precipitation of WC in the FeCoCrNi HEA leads to an improved hardness up to 768HV, which
corresponds well with the transition of the wear mechanism [13]. The alloy may also be strengthened
by dispersion strengthening, which can significantly improve the strength and hardness of the alloy,
and reduce the plasticity and toughness slightly [15]. TiC is considered a good candidate as the
strengthening phase due to its high melting point, high hardness, low density, good metal matrix
wettability, good chemical stability, and excellent wear resistance [16]. The optimized yield strength of
the (FeCrNiCo)Al0.75Cu0.25 HEA reinforced by TiC particles can reach 1637 MPa, which is increased
by 90.6% compared to the (FeCrNiCo)Al0.75Cu0.25 HEA [17]. However, the precipitation of ceramic
nanoparticles in the metal matrix tends to be unevenly distributed, which is probably originated from
the instability of the interfaces between the ceramic particles and the metal matrix [18–20]. In order to
make the second phase uniformly distributed in the matrix, in situ methods are widely used to fabricate
composites with a nanosized ceramic strengthening phase [21,22]. In general, a composite material is
fabricated by an in-situ reaction of additives and carbon-based abrasives via the method of powder
metallurgy [23]. Particularly, spark plasma sintering (SPS), a powder metallurgy process, provides fast
processing of the feedstock, the suppression of grain coarsening and the production of specimens with
a low porosity [24,25]. The combination of the ultra-fine grain and nanosized reinforcing particles can
enhance the strength of the composite material through the Hall–Petch effect and the strengthening of
dislocations [26,27]. At the same time, the in-situ method can make the interfaces between the ceramic
and the metal substrate cleaner, showing stronger bonding forces between materials that strengthen
the mechanical properties of the composite material [28].

As demonstrated above, the precipitation strengthening effects in HEAs have been extensively
investigated [13,14,29–33]. However, the high-temperature tribological properties of ceramic-reinforced
HEAs have rarely been reported. In the present study, FeCoNiCuAl HEA composites reinforced by in
situ-generated TiC ceramic particles were fabricated by mechanical alloying (MA) followed by SPS.
The microstructures, phase compositions, and hardness of the FeCoNiCuAl-TiC composites were
characterized, respectively. The effect of strengthening phases on the high-temperature tribological
properties of the HEA was studied, and the related mechanism was discussed.

2. Experimental

The pre-alloyed powder of the FeCoNiCuAl HEA was prepared using gas atomization in a
high-purity argon atmosphere to avoid oxidation. The particle size of the HEA powder was measured
by a laser particle size analyzer (MASTERSIZER3000, Malvern, Worcestershire, UK). The average
particle size of the HEA powder was approximately 9.2 μm. The equiatomic-ratio FeCoNiCuAl HEA
was mixed with varying compositions (0 wt%, 10 wt%, 20 wt%, 30 wt%) of Ti powder and graphite
nanoparticles (around 100 nm) in a high-energy planetary ball milling machine (MITR YXQM-4L,
MITR, Changsha, China) for 5 h. The milling speed was 250 rpm, and the ball-to-powder weight
ratio was 10:1. Ethanol was used as a processing control agent to avoid cold welding. The as-milled
powders were then consolidated by spark plasma sintering (SPS; FCT D25/3) in a 40 mm graphite die
at a sintering temperature of 1000 ◦C under 30 MPa pressure for 10 min. Graphite foils with applied
BN coating were placed between the powders and the die walls to avoid possible contamination.
The as-SPSed bulk specimens were polished using standard metallographic silicon carbide papers
supplemented with colloidal silica powders (Struers OPS).
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The phase composition of the HEA-TiC composite was analyzed using a D/max 2500pc X-ray
diffractometer (XRD) (Advance D8, Bruker, Karlsruhe, Germany) with Cu–Ka radiation (k = 0.154 nm).
The microstructure observation was conducted by a scanning electron microscope (SEM) equipped with
energy dispersive spectrometer (EDS) and electron backscatter diffraction (EBSD) (FEI Nova Nano230).
The hardness of the specimens was measured by a micro-Vickers hardness tester at a load of 5 kg for
15 s (HVS-5). The micro-hardness of each phase was determined by an Ultra Nanoindenter (UNHTL
+MCT, CSM, Switzerland) under the load of 30 mN for 10 s. The wear tests were performed using a
HT-1000 ball-on-disk tribometer (HT-1000, Lanzhou ZhongKeKaiHua Technology Development Co.
Ltd, Lanzhou, China) under constant applied normal load of 10 N at a line speed of 0.5 m/s for 30 min
and at the testing temperatures of 20 and 600 ◦C, respectively. Commercial Si3N4 balls were used as the
counterface. The diameter of the Si3N4 balls was 6 mm. The volumetric loss of the alloy was measured
using a contact surface profilometer (Keyence VHX-5000). The volume wear rate was calculated by the
formula W = V/SL, where W is the volume wear rate, V is the volumetric wear loss, S is the sliding
distance, and L is the normal load. To ensure reproducibility, the wear tests were performed at least
three times at both room and high temperature. The mean value of the wear rates was calculated.
The worn surfaces of the specimens were examined by SEM.

3. Results

3.1. Microstructures

Figure 1a shows XRD patterns of the HEA composite powders after ball milling. The HEA
powders consisted mainly of FCC and BCC phases. As for the as-milled HEA-TiC powders, diffraction
peaks of Ti and graphite were distinctly observed. The peak intensity of Ti and graphite increased with
the increase in Ti and graphite contents. The XRD patterns of SPSed specimens are shown in Figure 1b.
Likewise, the SPSed HEA still comprised FCC and BCC phases. In the HEA-TiC composites, the peaks
of Ti and graphite disappeared instead of TiC peaks, which indicate the formation of TiC during the
sintering process. Table 1 presents the mixed enthalpy between carbon and several metal elements.
Considering the lowest value of mixed enthalpy between Ti and C, the formation of TiC is reasonable
and consistent with that reported by Yim [17]. According to the XRD data, the equilibrium lattic e
constants of the FCC and BCC phases in the HEA were calculated as 3.521 and 2.881 Å, respectively,
while the lattice constants of FCC and BCC phases in the composites were 3.53 and 2.884 Å, respectively.
This discrepancy is probably due to the solid solution effect of the C atoms in the matrix [21,22].

Figure 1. XRD patterns of (a) HEA-TiC composite as-milled powders and (b) as-SPSed HEA-TiC composites.

Table 1. The mixing enthalpy of different atomic pairs [34].

ΔHmix, kJ/mol Fe Co Ni Cu Al Ti

C −50 −42 −39 −33 −36 −109
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During the MA process, oxidation inevitably occurs and oxides are commonly included in the
alloys [35]. Figure 2 presents the microstructures of the sintered HEAs. In addition to the alloy matrix,
there are two types of impurities, i.e., white particles attached on the surface (Figure 2a) and black
spots dispersed in the matrix (Figure 2b). The white particles are presumed to be silica powders in
oxide polishing solution (OPS) owing to their similar size (0.04 μm), while the black spots correspond
to oxides [17,36]. The impurities are generally introduced by the milling medium and/or the process
controlling agent (PCA) during the MA process [37,38].

 

Figure 2. (a) Scanning electron (SE) and (b) backscattered electron (BSE) images of the microstructures
of the SPSed HEA.

As shown in Figure 2b, the HEA consists mainly of a gray phase and a white phase, corresponding
to the FCC and BCC phases, respectively, which is in accord with the results reported by Beyramali
Kivy et al. [8]. It was reported that Ni and Al show high concentrations in the BCC phase, while Cu
was abundant in the FCC phase [39]. The EDS analysis results of the bright and dark areas in Figure 2b
are listed in Table 2. According to this result, the crystal structure of the bright area was FCC phase
and the gray area was BCC phase. The microstructures of HEA-TiC composites with different TiC
contents are presented in Figure 3. A number of black dots with a diameter of 0.3 μm were uniformly
distributed in the FCC and BCC phases. The composition of the black phase is exhibited in Figure 4,
indicating the formation of TiC particles in the HEA. The distribution of TiC particles in the HEA was
uneven; it is easier to precipitate in the FCC phase due to the FCC structure of TiC [29]. In the HEA-TiC
composites, with increasing Ti and graphite contents, the content of TiC increased.

Table 2. Chemical compositions of the FCC phase, BCC phase, and TiC phase.

Chemical
Composition

Fe Co Ni Cu Al Ti C

FCC 26.7 21.4 17.0 27.0 7.3 - -
BCC 23.2 24.0 25.0 7.8 19.7 - -
TiC 5.1 5.3 5.3 2.2 3.3 53.3 25.6
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Figure 3. SE images of the microstructures of the SPSed (a,d,g) HEA-10TiC, (b,e,h) HEA-20TiC, and
(c,f,i) HEA-30TiC composites.

Figure 4. (a) SEM image showing the position of the line scan and (b) compositional profiles of the Ti-
and C-rich carbide in the HEA-10TiC composite.

Figure 5 exhibits the EBSD inverse pole figure (IPF) maps of the HEA and the 10 wt% HEA-TiC
composite. TiC particles were observed in the XRD patterns (Figure 1) and SEM images (Figure 3).
However, they were not detected in EBSD maps due to the limited particle size of TiC. It is apparent that
the average grain size of the 10 wt% HEA-TiC composite is smaller than that of the HEA. The addition
of TiC can suppress the growth of grains during sintering, leading to the refinement of the grains in the
HEA matrix. Figure 5c,d present the phase compositions of the HEA and the HEA-10TiC composite,
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respectively. The FeCoNiCuAl HEA is mainly composed of the BCC phase and a small amount of the
FCC phase. With the addition of Ti and graphite, the content of FCC increases from 11.9% in the HEA
to 19.2% in the HEA-10TiC composite.

 

Figure 5. Inverse pole figure (IPF) maps of the SPSed (a) HEA and (b) HEA-10TiC, phase composition
of the SPSed (c) HEA and (d) HEA-10TiC, and grain size of the SPSed (e) HEA and (f) HEA-10TiC.

3.2. Hardness

The hardness of the HEA-TiC composites is shown in Figure 6a. As the content of TiC increases,
the hardness of the composites remarkably increases from 467 to 768 HV. The micro-hardness of
the matrix phase, TiC particles, and the interface between TiC particles is illustrated in Figure 6b.
The result indicated that the agglomerated TiC exhibited the highest micro-hardness (1489 HV) among
all phases. The micro-hardness of the interface was about 916 HV, and the matrix phase showed
the lowest micro-hardness of only 570 HV. The high hardness of the TiC particles may contribute
to the improvement of the wear resistance of the HEA-TiC composites. Figure 6c presents typical
loading–unloading curves for indentations with a 50 mN load. The TiC particle showed a higher elastic
modulus than that of the matrix phase.
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Figure 6. (a) Hardness of HEA-TiC composites; (b) micro-hardness of different regions in the HEA-10TiC
composites; (c) load–displacement curves of different regions in the HEA-10TiC composites.

3.3. Friction and Wear Properties, Worn Surface, and Debris

The friction and wear properties of the HEA-TiC composites are shown in Figure 7. The friction
coefficients of all specimens sharply increased at the beginning of the wear tests and reached a
steady state corresponding to the breaking-in stage. Subsequently, all of the friction coefficient curves
remained relatively stable and exhibited periodic waves, which may be owing to periodic accumulation,
elimination of debris and the periodic localized fracture of the surface layer [40]. The increase in the
friction coefficient was caused by the accumulation of abrasive debris on the wear surface, and the
separation of the wear debris from the surface or the filling of the wear cracks caused the reduction of
the friction coefficient. As shown in Figure 7b, the average friction coefficient increased at first and
then decreased with further addition of Ti and graphite to 30 wt%. The volumetric wear rate curves of
the composites at room temperature are shown in Figure 7c. With the increase in the Ti and graphite
contents, the hardness of the composite increased and the wear rate decreased.

Figure 8 shows the worn surface morphologies as well as the debris of HEA-TiC composites.
The typical morphologies of both adhesive wear and abrasive wear were observed in the HEAs. When
the stress arising from the grinding ball on the worn surface was higher than the yield strength of
the HEAs, the deformation process was triggered. Under alternating stress, debris was torn off from
the surface and deformed as flakes, as shown in Figure 8e. The EDS results of the worn surface are
summarized in Table 3. The oxygen contents of the worn surface increased slightly with the addition of
Ti and graphite, indicating that no considerable oxidation occurred. Figure 8c, d show comparatively
rough surface generated by the micro-cutting and micro-plowing of abrasive particles. The furrow-like
wear scar along the sliding direction in HEA-TiC composites implied an abrasive wear dominated
process. The grinding chips were either particle-like or flake-shaped. With the increase of TiC content,
the amount of flaky wear debris decreased, while the particle-like debris increased (Figure 8e–h).
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Figure 7. (a) Friction coefficient vs. sliding time. (b) Friction coefficient vs. TiC content. (c) Wear rate
of HEA-TiC composites at room temperature.

 

Figure 8. SEM images of the worn surface of (a) HEA, (b) HEA-10TiC, (c) HEA-20TiC, and (d) HEA-30TiC
composites and corresponding debris of (e) HEA, (f) HEA-10TiC, (g) HEA-20TiC, and (h) HEA-30TiC
composites after wear at room temperature.

Table 3. Chemical compositions of the surface wear-tested at room temperature, in atomic percentage.

Chemical
Composition

Fe Co Ni Cu Al Ti C O

TiC00 21.3 22.0 21.2 11.0 19.6 - - 4.9
TiC10 16.1 13.5 12.3 17.9 12.5 8.5 12.7 6.6
TiC20 15.5 15.3 14.8 8.8 13.7 14.4 10.7 7.0
TiC30 10.7 10.3 9.8 9.2 8.6 24.0 15.9 11.4
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The friction and wear properties of the HEA-TiC composites at high temperature are shown
in Figure 9. As shown in Figure 9a, the friction coefficient of the HEA was unstable and exhibited
drastic fluctuation, which may be related to the aggregation of large debris. In contrast, the friction
coefficients of the HEA-TiC composites remained comparatively stable after the run-in period. With
the addition of Ti and graphite, the average friction coefficient dropped considerably (Figure 9b).
As plotted in Figure 9c, the wear rate of the HEA was significantly higher than that of the HEAs-TiC
composites. However, it clearly presented only small wear scatters among the HEA-TiC composites,
which is mainly ascribed to the transition of the wear mechanism. This will be further clarified in the
Discussion section. Recent work by Moravcikova-Gouvea et al. [41] reported that a HEA produced by
MA and SPS exhibited better wear resistance than traditional AISI 52,100 and Inconel 713 alloys, and
suggested that powder metallurgy provides a good approach to fabricating HEAs with fine-grained
microstructures and enhanced wear resistance. Similarly, in the present study, the wear rates of the
HEA-TiC composites have the same order of magnitude (10−5 mm3/Nm) at room temperature, while
the high-temperature wear rates of the TiC-containing specimens are dramatically lower than that of
the TiC-free specimen, and even other HEAs, by at least one order of magnitude [42,43].

Figure 9. (a) Friction coefficient vs. sliding time. (b) Friction coefficient vs. TiC content (c). Wear rate
of HEA-TiC composites at high temperature.

Figure 10 exhibits the worn surface and debris of the HEA-TiC composites at high temperature
(600 ◦C). The worn surface of the HEA was smooth (Figure 10a), and large pieces of flake-like debris
were peeled off from the wear surface (Figure 10e). These indicated the occurrence of severe adhesive
wear. In contrast, the high-temperature worn surfaces of the HEA-TiC composites were relatively
smoother, and smearing of the wear scars occurred (Figure 10b–d). The material of interface contact
points was soft, and a metal-like film on the friction surface was formed. The metal-like film can act
as a lubricating agent, and result in a considerably reduced friction coefficient. The grinding chips
generated by wear tests performed at high temperature were primarily particle-like (Figure 10f–h).
With the increase of TiC content, the amount of wear debris decreased and the size reduced.
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Figure 10. SEM images of the worn surface of (a) HEA, (b) HEA-10TiC, (c) HEA-20TiC, and
(d) HEA-30TiC composites and corresponding debris of (e) HEA, (f) HEA-10TiC, (g) HEA-20TiC,
and (h) HEA-30TiC composites after wear at high temperature.

4. Discussion

4.1. Microstructures

It is well accepted that the microstructure plays a significant role in the wear resistance of materials.
In the present study, the microstructure of the FeCoNiCuAl HEA was mainly composed of the FCC
and BCC phases. The EDS results indicated that Co was almost uniformly distributed in both phases
compared to other elements. Ni and Al showed relatively higher concentrations in the BCC phase,
while Cu and Fe were abundant in the FCC phase. These are consistent with other reports [8,9,44].
The precipitation mechanism for the ordered Al–Ni-rich matrix phase is spinodal decomposition due
to the large mixing enthalpy between Al and Ni [29,45]. With the addition of Ti and graphite, the grain
size reduced. As shown in Figure 3, the segregation of the TiC ceramic particles in the HEA matrix
may be attributed to the dual-phase structure [29]. The volume fraction of TiC increased accompanied
by the increasing incorporation of Ti and graphite. Large clusters were observed in the HEA-30TiC
composites (Figure 3F,I).

4.2. Wear Behavior

During the sliding processes, the HEA-TiC composites exhibited excellent wear resistance.
The reason for this may be explained as follows. First, TiC, acting as a strengthening phase, can
effectively reduce the plastic deformation of the matrix during sliding, thus improving the wear
resistance of the composites [46]. Second, the grain sizes of the HEA-TiC composites were lower than
that of the HEA. The TiC particles can inhibit the growth of grains to obtain finer grains, thereby
enhancing the strength and hardness. According to Archard’s law, assuming that it is under the
condition of adhesive wear and sliding spherical asperities deform fully plastically in contact, the wear
resistance of the material is proportional to its hardness, and thus it will be promoted as well [47,48].
Thus, the wear resistance of the HEA-TiC composites was better than that of the HEA due to their
high hardness [40]. Further, the excellent antioxidation properties in the composites are proposed
to improve the wear resistance [49]. The EDS results of the HEA-TiC composites indicated that the
existence of oxidized layers can effectively prevent direct metal–metal contact and impede adhesive
wear. Therefore, the wear rate of the HEA-TiC composites was further reduced with the increase in Ti
and graphite.

The EDS results exhibit that the contents of Cu and O are remarkably high (Table 4), which
indicates the presence of an oxide layer, thus improving the wear properties [10,40]. During wear tests
conducted at high temperature, the formation of an oxidation layer, acting as a lubricating film, is
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easier than the tests performed at room temperature. This implied that oxidative wear was dominated.
Two competitive processes may coexist. The debris peels off from the composites, and oxidation layers
are formed by cold welding. Meanwhile, the fragmentation of the oxidation layer continually occurs
to produce new debris [50]. In the HEA, the debris are not well compacted, which makes them easy to
remove and gives rise to the enhancement of wear rate. In the HEA-TiC composites, in contrast, the
oxidation layers are strengthened by the TiC particles to produce glazed layers, which may efficiently
prevent metal–metal contact and reduce friction between the HEA-TiC composites and the counterface.
Consequently, the friction and wear properties of the HEA-TiC composites are substantially improved
at high temperature [29].

Table 4. Chemical compositions of the surface wear-tested at high temperature, in atomic percentage.

Chemical
Composition

Fe Co Ni Cu Al Ti C O

TiC00 9.9 10.9 11.4 14.6 25.2 - - 28.0
TiC10 2.6 3.5 4.1 15.5 5.4 3.4 4.8 60.6
TiC20 1.5 3.7 3.4 13.0 3.9 6.8 3.0 64.7
TiC30 1.0 2.2 3.0 15.8 3.8 9.8 4.1 60.6

5. Conclusions

(1) The FeCoNiCuAl-TiC composites mainly consist of FCC, BCC, and TiC phases. The TiC
particles are dispersed in the matrix with a diameter of 0.3 μm.

(2) The micro-hardness of FeCoNiCuAl-TiC composites increases from 467 to 768 HV with the
increase in TiC content, which is primarily attributed to the strengthening of the hard TiC phases and
the refined microstructures.

(3) The main wear mechanism for the FeCoNiCuAl HEA at room temperature is adhesive wear.
The wear mechanisms for the FeCoNiCuAl-TiC composites at room temperature are adhesive wear
and abrasive wear. With the increase in TiC, the friction coefficient increases first and then decreases,
while the wear loss continually decreases.

(4) The wear mechanism of the FeCoNiCuAl HEA at high temperature is severe adhesive
wear. With the addition of TiC, both the friction coefficient and the wear rate reduce considerably.
The dominant wear mechanism of HEA-TiC composites at high temperature is oxidative wear.
Benefiting from the formation of oxidation layers, the HEA-TiC composite exhibits excellent
wear resistance.
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Abstract: Dense, high-entropy carbide cobalt-bonded hardmetals with two different compositions,
namely (Hf-Ta-Ti-Nb-V)C-19.2 vol% Co and (Ta-Ti-Nb-V-W)C-19.2 vol% Co, were successfully manu-
factured by gas pressure sintering (SinterHIP) at 1400 ◦C and 100 bar Ar pressure. The microstructure
of these hardmetals consists of a rigid skeletal carbide phase embedded in a tough Co binder phase.
EDS mappings showed that the high-entropy carbide phase did not decompose and that a typical
hardmetal microstructure was realized. Only in the case of the (Hf-Ta-Ti-Nb-V)C-Co hardmetal
was some undissolved TaC and HfO2, as well as some clustered vanadium titanium carbide phase,
found, resulting in a split-up of the HEC phase into two very similar HEC phases. This resulted
in a reduced hardness to fracture toughness ratio for this composition. Measurements of magnetic
saturation polarization showed values between 57.5% and 70% of theoretical magnetic saturation
polarization, indicating marginal dissolution of the carbide-forming metal elements in the binder
phase. The hardness value HV10 for (Hf-Ta-Ti-Nb-V)C-19.2 vol% Co was 1203 HV10 and 1432 HV10
for (Ta-Ti-Nb-V-W)C-19.2 vol% Co.

Keywords: carbide; high-entropy carbides; binders; microstructure; mechanical properties; high-
entropy hardmetals

1. Introduction

Basic hardmetals (also known as cemented carbides) and cermets consist of hard
carbide phases (WC or TiCN) mixed with a ductile binder phase (Co/Ni/Fe). Extensive
studies on monocarbide hardmetal compositions such as WC-Co, WC-Ni, NbC-Co, NbC-
Ni, VC-Ni, Cr3C2-Ni, etc., exist in the literature [1–6]. Other carbides such as TiC, TaC,
and NbC are also present as a mixed carbide composition, such as (Ti, Ta, Nb, W)C, for
better wear resistance, hardness, and toughness [7]. Studies on mixed carbides such as
WC-Cr3C2-Co, WC-VC-Co, (Ta, Mo)C-Co/Ni, (Ta, W)C-Co/Ni [8–13] showed that the
stability of these mixed carbides strongly depends on their chemical composition and
solubility in the metal binder phase.

Furthermore, several cermet compositions such as (Ti-Mo)C-Co, (Ti, Mo, W)C-Co, (W-
Ti)C-(Co/Ni), TiN-Ni, TiC-Mo-Ni, WC-(Ta, Nb)C, TiC-Mo2C-(TaC-NbC-VC)Ni, and (Ti, W,
Ta)C-Mo-Ni have been studied [14–21]. In cermets too, the addition of additional carbides
to its TiC/TiCN-based main hard phase is mostly carried out only in small amounts for
the improvement of wettability, the suppression of grain growth, and the enhancement
of toughness [7]. Regardless of the composition, cermets mainly consist of a multi-phase
core–rim structure with unalloyed lighter TiCN in the core surrounded by other heavier
carbides in the rim [22].

Replacing traditional binders (Co/Ni/Fe or mixtures thereof) with high-entropy alloys
(HEA) show a good wettability of WC, high toughness, prominent wear resistance, and
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high temperature stability. For example, by replacing Co with CoCrFeNi, CoCrFeMnNi
or CoCrFeNiV binder, the plastic deformation resistance of hardmetals was enhanced,
outperforming traditional WC-Co hardmetals [23,24]. In cermets too, CoCrFeNiCu can
lead to less interfaces by inhibiting core–rim structure and grain growth, thus enhancing
wettability, hardness, and toughness [23].

Inspired by the concept of HEA, high entropy carbides (HEC) have gained attention
in recent years. As opposed to having a principal metal carbide with minor additions
of other carbides, HEC´s are composed of five or more equiatomic carbides. Several
researchers have already studied a broad range of medium- and high-entropy carbide
compositions, such as (Hf-Zr-Ta-Nb-Ti)C, (Hf-Ta-Zr-Nb)C, (Ti-Zr-Hf-V-Nb)C or (Hf-Zr-Ti-
Ta-Nb)C [21,25–32]. These HEC´s can form a single-phase solid solution by increasing the
solubility among elements due to enhanced mixing entropy, and suppress the formation of
intermetallic phases and element segregations.

Spark plasma sintering (SPS), also known as field-assisted sintering (FAST), is the
most used method for the production of bulk HEC so far [26,27,29,30,32]. Several HEC
compositions have also been manufactured by hot pressing [31,33,34] and vacuum sin-
tering [34]. Furthermore, the synthesis of HEC powders has been studied for several
compositions [35,36]. These studies have shown that HEC possesses superior hardness,
toughness, and wear resistance as compared to certain monocarbides. The knowledge of
the production and properties of HEC has opened up new possibilities for tailoring a wide
range of high-entropy carbide-based hardmetals. However, the properties of this newly
emerging class of materials, e.g., hardmetal compositions such as HEC-Co, HEC-Ni and
similar, remain so far unexplored [37].

In this study, two different pre-manufactured HEC compositions were crushed to
HEC powders and mixed with Co, followed by subsequent sintering using a SinterHIP
process. The influence of HEC compositions on the density, grain size, and basic mechanical
properties of the obtained HEC-Co hardmetals was studied and is discussed within this
work for the first time.

2. Materials and Methods

2.1. Preparation of HEC Powders

High-entropy carbides of two different compositions were manufactured using a
conventional powder metallurgical route. Commercially available refractory carbides
of HfC, TaC, TiC, NbC, VC, and WC were mixed in equiatomic proportions to produce
two different high-entropy carbides: (Hf-Ta-Ti-Nb-V)C and (Ta-Ti-Nb-V-W)C. Their exact
compositions are given in Table 1. The details on powder supplier, FSSS particle size,
specific surface area (BET), dBET particle size, as well as the oxygen content of the powders,
are given in Table 2.

The specific surface (SBET) was measured under Krypton (ASAP 2020 MP, Micromerit-
ics, Norcross, GA, USA), and the particle diameter dBET was calculated using the formula
dBET = 6000/(SBET * density). The mean particle size dFSSS was measured with a Fisher Sub
sieve sizer (Model 95, Fisher Scientific, Waltham, MA, USA).

Table 1. Compositions of HEC as a precursor to manufacture HEC-Co.

HEC Samples
Compositions (wt. %)

HfC TaC NbC TiC VC WC

HEC 1 31.2 31.6 17.2 9.8 10.3 -
HEC 2 - 31.3 17.0 9.7 10.2 31.8
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Table 2. Characteristics of the used starting powders (* data from the suppliers’
datasheets).

Powders Supplier
Particle Size
dFSSS (μm)

Specific Surface
Area BET (m2/g)

dBET (nm)
O2 Content

(wt. %)

HfC Sigma-Aldrich 0.6 3.9 133 1.72
TaC H.C. Starck 1.0 1.1 366 0.13 *
NbC GTP 1.2 1.2 639 0.25 *
TiC H.C. Starck 2.4 2.0 619 0.37 *
VC H.C. Starck 1.2 3.0 350 0.80 *
WC H.C. Starck 0.5 2.6 149 0.26 *

Refractory carbide powders were mixed in compositions given in Table 1, ball-milled
in n-heptane, vacuum dried, and sieve granulated. The granulated powder mixtures were
uniaxially pressed to bars and sintered by gas pressure sintering (FPW 280/600, FCT,
Sonneberg, Germany). The gas pressure sintering cycle, here referred to as sinterHIP, was
carried out at 1950 ◦C with a holding time of 240 min in vacuum, followed by 45 min of
100 bar Ar pressure. The two prepared HEC 1 and HEC 2 compositions (Table 1) were
again crushed in a vibratory disc mill (RS 200, Retsch, Haan, Germany, WC-Co vial and
disc) at 700 RPM, and sieved to a particle size of less than 20 μm.

2.2. Preparation of HEC-Co Hardmetals

The crushed HEC 1 and HEC 2 powders were mixed with Co (Umicore, half micron,
dFSSS = 0.7 μm, O2 content = 0.69 wt. %) to a Co content of 19.2 vol% (equivalent binder
content of a WC-12 wt. % Co hardmetal), and ball-milled for 48 h. This was followed by
vacuum drying and sieve granulation. The granulated powder mixture was then uniaxially
pressed to bending bars and sintered. The sinterHIP cycle was caried out at 1400 ◦C and an
Ar pressure of 100 bar with a holding time of 45 min. Altogether, two different HEC-based
hardmetals (HEC-Co) were produced: composition (Hf-Ta-Ti-Nb-V)C-Co is designated as
HEC 1-Co and composition (Ta-Ti-Nb-V-W)C-Co as HEC 2-Co.

The density of all sintered samples was measured according to ISO 3369. For mi-
crostructural analysis, dense samples were ground and polished down to 1 μm using
different diamond slurries, similar to what is described in ISO 4499-1. Images of microstruc-
tures were taken using the field emission scanning electron microscope (FESEM) ULTRA
55 (Carl Zeiss Microscopy, Oberkochen, Germany), which was also used to perform EDS
analysis. ISO porosity was determined according to ISO 4499-4. The phase composition of
the powder mixtures (as pressed) as well as of sintered samples was analyzed by X-ray
diffraction (XRD) using a diffractometer D8 Advance (Bruker AXS, Karlsruhe, Germany),
operated with Cu-Kα radiation with a LynxEye position-sensitive detector (PSD, Bruker
AXS, Karlsruhe, Germany) and a nickel filter located in the primary beam. The Diffrac.EVA
program and the JCPDS database (2020) were used for phase analysis. The magnetic prop-
erties coercivity Hc and magnetic saturation polarization mS were measured according to
ISO 3326.

The Vickers hardness (HV10) of sintered samples was measured in agreement with
ISO 3878 with a load of 10 kP and five measurements per sample. Fracture toughness
(K1C) was calculated by measuring the Vickers indentation crack length using the Shetty
equation [38].

3. Results and Discussion

3.1. Synthesis of HEC Powders

The HEC powders were synthesized similar to bulk binderless HEC ceramics [39],
but with slightly adjusted synthesis conditions. Figure 1a,b show the corresponding
micrographs of the bulk HEC compositions HEC 1 ((Hf-Ta-Nb-Ti-V)C) and HEC 2 ((Ta-Nb-
Ti-V-W)C) which were used for the HEC powder preparation.
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Figure 1. Micrographs of produced high-entropy carbides with sinterHIP cycle with (a) HEC 1 composition (Hf-Nb-Ta-Ti-
V)C and (b) HEC 2 composition (Ta-Nb-Ti-V-W)C before crushing and sieving.

From Figure 1, differences in grain size can be observed. The grain sizes of HEC 1 can
be estimated to be in the range of approx. 2 μm to 5 μm, while for HEC 2, it ranges from
approx. 5 μm to 30 μm. After crushing the HEC powders to <20 μm, it is expected that
in the case of HEC 1 some polycrystalline HEC grains remain, while in the case of HEC 2
mostly monocrystalline HEC grains will be present.

For HEC 1, the EDS measurements showed small third phases next to the HEC
phase consisting of either TaC or HfO2. In the case of HEC 2, only the HEC phase and
small amounts of free carbon (black spots in Figure 1b) were detected. Nevertheless,
semiquantitative EDS measurement and the XRD measurement (see next section) showed
that the amount is too small to change the composition of the HEC significantly.

3.2. Properties of HEC-Co Hardmetals

The prepared HEC 1 and HEC 2 powders were used as a hard phase, which were then
mixed with 19.2 vol% Co (equivalent to WC-12 wt. % Co). First, the samples subjected
to sinterHIP were characterized by measuring density. Theoretical density, calculated
according to the rule of mixture, Archimedes density, and relative density are given
in Table 3.

Table 3. Density of prepared samples HEC 1-Co and HEC 2-Co.

Hardmetal
Samples

Sintering Conditions Theoretical
Density (g/cm3)

Archimedes
Density (g/cm3)

Relative
Density (%)

HEC 1-19.2 vol% Co sinterHIP
1400 ◦C/100 bar Ar

9.18 9.15 99.6
HEC 2-19.2 vol% Co 9.64 9.74 101.0

The data in Table 3 prove that the samples are completely densified. The 101%
theoretical density for HEC 2-Co is due to the inaccuracy of the calculation of theoretical
density. The SEM micrographs of the polished cross section reveal that the samples are
completely densified with an ISO porosity of A02B00C00 for both compositions.

The backscattered electron micrographs of both HEC-Co hardmetals in Figure 2
represent various phases. The dark gray represents the Co binder phase, whereas gray
and light gray contrasts show the carbide grains. Both micrographs represent a skeletal
microstructure of cubic carbides embedded in a cobalt binder phase. Differences in grain
size directly correspond to the initial grain sizes of the HEC materials used as starting
materials (see Figure 1).
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Figure 2. Micrographs of HEC-Co samples: (a) HEC 1-Co (composition: (Hf-Ta-Ti-Nb-V)C and Co) (b) HEC 2-Co (composi-
tion: (Ta-Ti-Nb-V-W)C and Co) both sintered with sinterHIP cycle at 1400 ◦C and 100 bar Ar pressure. (The dark gray phase
is the cobalt binder, see also Figures 3–6).

Figure 3. (a) Backscattered electron micrograph of HEC 1-Co with EDS mapping, (b) EDS result of dark phase consisting of
Co with mixed metals, (c) EDS result of gray phase with mixed carbides, (d) EDS result of light gray phase with Ta and (e)
EDS result of gray phase with Hf.

Figure 4. (a) Backscattered electron micrographs of HEC 2-Co with (b) EDS result of dark phase consisting of Co with
mixed metals, (c) EDS result of gray phase with mixed carbides with high concentration of W, (d) EDS result of light gray
phase same as (c).
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Figure 5. EDS micrographs of HEC 1-Co (composition: (Hf-Ta-Nb-Ti-V)C and Co, co-sintered with sinterHIP at 1400 ◦C
and 100 bar Ar pressure).

 

Figure 6. EDS micrographs of HEC 2-Co (composition: (Ta-Nb-Ti-V-W)C and Co, co-sintered with sinterHIP at 1400 ◦C and
100 bar Ar pressure).
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Light gray spots could be observed at the grain boundaries of HEC 1-Co (Figure 2a).
These could be carbide precipitations with a different composition. There are no light gray
spots (as opposed to light gray phases) observed in HEC 2-Co (Figure 2b).

Figure 3 shows the SEM image of HEC 1-Co, the composition of which was (Hf-Ta-
Ti-Nb-V)C with Co binder, and the corresponding EDS results. There are different gray
levels shown in the electron micrographs. The respective element peaks in Figure 3b–d
show that the dark gray phase is the cobalt binder with a low amount of dissolved carbide-
forming metals (Hf, Ta, Nb, V and Ti), the gray phase is the complex solid solution of
(Hf-Ta-Nb-Ti-V)C, and the light gray phase contains either Ta or Hf as the main component.

In most parts, the cubic carbides are all mixed together forming the hard phase, which
is surrounded by Co (dark gray phase). The light gray round grains, which are rich in Hf
and Ta, seem to be the remains of undissolved or just partially dissolved TaC and HfC from
its corresponding HEC 1 powder.

The SEM images of HEC 2-Co (Figure 4a) show three kinds of phases: dark gray, gray,
and light gray. EDS spectra of HEC 2-Co (Figure 4b–d) reveal that the dark gray phase
is rich in Co and poor in other carbide-forming metals (Ta, Ti, Nb, V, W). The gray phase
and light gray phase represent the high-entropy carbide grains, both rich in W. In this case,
only an orientational contrast is responsible for the different gray shades.

To analyze the distribution of the elements in more detail, EDS mapping was carried
out (Figures 5 and 6).

EDS mapping of HEC 1-Co (Figure 5) shows that next to the Co-based binder phase
and the HEC phase, three other phases are present in minor quantities. A Ta carbide, as
already found in HEC production, is most prominent, and is most likely the product of an
insufficient homogenization during HEC production. Furthermore, V-Ti-rich carbide aggre-
gates can be observed in some areas of the sample. Such areas were not spotted during the
local EDS analysis of the bulk HEC samples. These aggregates could be the results of either
a local precipitation during cooling, as found in V-containing WC-Co hardmetals [40,41],
or a locally unfinished solid solution during HEC production. However, no V-Ti-based
carbides were found in the prepared HEC powder or in the similarly produced binderless
HEC ceramics [39]. The co-presence of Hf and O might point to a Hf-oxide phase. Both
phases ((V,Ti) C and HfO2) are in minor quantities, as proven by XRD analysis (Figure 7).

 

Figure 7. X-ray diffraction pattern of pressed (unsintered) and sintered (a) HEC 1-Co (composition: (Hf-Ta-Nb-Ti-V)C
and 19.2 vol% Co) and (b) HEC 2-Co (composition: (Ta-Nb-Ti-V-W)C and 19.2 vol% Co) with 2Theta ranging between
25 and 65 degrees. Note: The labeled HEC 1 phase is in reality a mixture of two cubic carbide phases with very similar
lattice parameters.
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The HEC 2 starting powder consisted of (Ta-Ti-Nb-V-W)C and some excess carbon.
However, no excess carbon was detected in the micrographs of the sintered HEC 2-Co
(Figure 6). It is expected that the free carbon has been dissolved within the Co binder
phase (possible C uptake up to ca. 4.1 at.% [42]) and has to some extent also reduced the
surface oxides of the HEC and Co powders during sintering. All HEC starting elements
are homogenously distributed in the carbide phase. A slight variation in at least W and Ta
can be detected in the color maps of these elements. This might correspond to the light
color contrast variation in the carbide grains seen in the electron micrograph. It might refer
to a solution precipitation mechanism and the beginning of the formation of a core–rim
structure with a slightly W-depleted and slightly Ta-enriched rim area. No formation of
separate carbide phases was observed.

Additional semiquantitative EDS-SEM analyses were carried out to obtain information
about the stoichiometry of both HEC phases. In the case of HEC 1-Co, 30 HEC grains were
measured. The ratios of the carbide-forming metal elements of the HEC 1 phase are given
in Table 4. The data show no clear distinction between different compositions of the HEC
phase. However, some grains showed a variation in the vanadium content, resulting in
the higher standard deviation. There is no distinct difference in the compositions of the
different grains. The EDS mapping also revealed some V-rich grains. These grains were
also analyzed (Table 4).

Table 4. Metal content (at.%) of HEC grains in HEC 1-Co determined by EDS-SEM.

Element Ti V Nb Hf Ta

Main phase
Mean value/at.% 20.2 18.2 21.5 19.3 20.9

Standard deviation 0.9 3.2 1.2 1.1 1.9

V- rich phase
Mean value/at.% 14.7 66.9 9.6 1.3 7.5

Standard deviation 0.5 2.4 0.9 0.3 1.0

In the case of HEC 2-Co, the local formation of a core–rim structure was observed
(Figure 6). Regions of the core and the rim were analyzed by measuring the carbide-forming
metal elements of the HEC 2 phase of five core and rim areas each. The ratios are given in
Table 5 and reveal some W and V depletion in the rim structure. In agreement with the
EDS analysis of the binder phase (Figure 4), this suggests that the depletion is caused by
the dissolution of W and V within the Co-binder phase.

Table 5. Metal content (at.%) of core and rim areas of HEC grains in HEC 2-Co determined by
EDS-SEM.

Element Ti V Nb Ta W

Core
Mean value/at.% 18.3 19.5 21.2 20.4 20.7

Standard deviation 0.4 0.6 0.4 0.4 0.4

Rim
Mean value/at.% 21.4 16.8 22.8 22.1 16.9

Standard deviation 1.1 0.8 0.7 1.0 2.0

Furthermore, the oxygen content was measured in all studied HEC grains of HEC
1-Co and HEC 2-Co compositions by semiquantitative EDS-SEM analyses. This was done to
investigate, if oxycarbides could have formed. The oxygen content for all 40 measurements
varied from 0 to 2 at.% O. With the assumption that most of the measured oxygen came
from surface oxides formed after sample polishing, we consequently exclude the formation
of a significant incorporation of oxygen in the carbide lattice in our samples.
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XRD measurements of the starting powder mixtures (as pressed) and of the sintered
HEC 1-Co and HEC 2-Co samples are shown in Figure 7a,b. The diffraction pattern of the
starting HEC 1-Co mixture (Figure 7a) shows three strong peaks, which correspond to the
cubic HEC phase and the small peaks of the added Co phase. There are no matching PDF
cards for the specific HEC composition. However, the lattice parameters are similar to the
calculated lattice parameters using the rule of mixture (Vegards law) [39]. After sintering,
the HEC phase is split up into two very similar phases, both having the cubic Fm-3m
structure with very similar lattice parameters (0.4447 nm and 0.4422 nm), corresponding
also to the lattice parameter of the HEC phase in the starting powder mixture. There are
several other smaller peaks in the sintered HEC 1-Co sample. The peaks at 28.3◦ and 31.6◦
indicate the presence of monoclinic HfO2 (PDF 01-075-6426), verifying the results of the
EDS mapping in Figure 2. The EDS mapping of the HEC 1-Co sample also showed areas
with a carbide enriched in V and Ti. Accordingly, a cubic Fm-3m (Ti,V)C matches the
occurring peaks in the XRD pattern. The split-up of the HEC phase into two very similar
HEC phases is most likely the result of the formation of the cubic Fm-3m (Ti,V)C phase
and the subsequent loss of V and Ti in some HEC 1 grains, which were also observed in
the mapping and analyzed by semiquantitative EDS-SEM.

However, this might not be the only reason for the splitting of the peaks of the main
carbide phase. Therefore, we assume that the observed splitting could have also been
caused by the formation of a core–rim structure which was not detected via SEM and
EDS. It could also be caused by the different solubility of the components in Co. A slight
adaptation of the starting composition thus might prevent the segregation. However, this
needs further investigations.

The EDS analysis also showed that the cobalt binder is alloyed with metal atoms
from the cubic carbides such as Ta and V, forming a cubic Co alloy with a changed lattice
parameter in comparison to pure Co. This is confirmed by the XRD measurements, where
a cubic phase is present with enlarged lattice parameters in comparison to pure Co.

In contrast to the sample HEC 1-Co, only a cubic HEC and a metallic Co-alloy binder
were detected by XRD in the sample HEC 2-Co (Figure 7b). The cubic carbide solid solution
has an Fm-3m structure. No splitting of the peaks of the HEC phase was observed. A slight
HEC peak broadening was observed in the HEC 2-Co sample, most likely corresponding to
the observed formation of the core–rim structure for some HEC 2 grains (Figure 6, Table 5).
Similar to HEC 1-Co, the Co-binder is alloyed with metal atoms originating from the metal
carbides, forming a cubic Co phase with slightly changed lattice parameters.

3.3. Physical and Mechanical Properties of HEC-Co Hardmetals

An ideal high-entropy hardmetal would be one wherein hard phase and binder phase
are homogeneously distributed and balanced between hardness and toughness. The hard-
ness and toughness can also be influenced by the carbon content of the sintered hardmetal,
which can be measured by magnetic saturation (mS). In addition, the measurement of
coercivity (Hc) determines the degree of sintering, cobalt distribution, and grain size of
hardmetals. The values of mS, Hc, hardness, and fracture toughness for the produced
HEC-Co hardmetals are given in Table 6 in comparison with a WC-12 wt. % Co hardmetal.
The theoretical magnetic saturation (mS) was calculated based on the cobalt weight content
of both high-entropy hardmetal compositions.

Table 6. Physical and mechanical properties of HEC-Co hardmetals.

Samples
mS

/μT·m3·kg−1
mS

/(% theo)
Hc

/kA/m

Hardness Fracture Toughness
K1C/MPa·m1/2

/HV10 GPa

HEC 1-19.2 vol% Co 30.0 70.0 5.6 1203 ± 15 11.80 8.5 ± 0.2
HEC 2-19.2 vol% Co 20.7 57.5 8.4 1432 ± 10 14.04 6.7 ± 0.2

WC-19.2 vol% Co [43] 19.9 85.0 19.9 1460 ± 15 14.32 14.3 ± 0.2
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In Table 4, the relative mS for HEC 1-Co (70%) and HEC 2-Co (57.5%) represents
a lower limit where the Eta phase would be present in the case of WC-Co hardmetals.
However, since it is not clear which of the carbide-forming elements in the HEC hard phase
dissolves in the binder phase, a clear assessment cannot be made without a larger variety
of added carbon contents. Since no Eta phase of any form was detected by EDS or XRD, it
can still be expected that both samples are within a two-phase region of HEC and Co in
a corresponding theoretical HEC-Co-C diagram. In the case of a WC-Co hardmetal, the
coercivity of ca. 6 and 8 kA/m would correspond to a medium to coarse hardmetal grade
of 1.3 to 2.5 μm and 2.5 to 6.0 μm, respectively.

The HV10 hardness values for HEC 1-Co and HEC 2-Co are both lower than for a
corresponding medium-grain-sized WC-12 Co hardmetal, due to the larger grain size of
the produced materials. Additionally, the measured fracture toughness is somewhat lower
than that of the corresponding WC-Co-based hardmetal.

4. Conclusions and Outlook

Due to the growing interest in high-entropy carbides, an investigation of HEC-based
hardmetals was done for the first time. Two different high-entropy carbides with the
composition (Hf-Ta-Ti-Nb-V)C and (Ta-Ti-Nb-V-W)C were synthesized by a gas pressure
sintering technique (also called sinterHIP) at 1950 ◦C and 100 bar Ar pressure. These high-
entropy carbides were crushed to particle sizes less than 20 μm, mixed with 19.2 vol%
Co (equivalent to WC-12 wt. % Co), and sintered using a sinterHIP cycle at 1400 ◦C and
100 bar Ar pressure. The EDS mapping of the resulting dense HEC-based hardmetals
with the composition (Hf-Ta-Ti-Nb-V)C-Co (HEC1-Co) showed a homogenous HEC-Co
microstructure, as well as a slight amount of undissolved TaC, HfO2, and some larger
vanadium–titanium–carbide segregations (already present in the starting HEC).

For the HEC 1-Co material ((Hf-Ta-Ti-Nb-V)C-Co), XRD measurements reveal the
formation of a secondary HEC phase with a very similar composition. The reason for the
splitting is still not clear, but might be caused by the solution–precipitation process known
from hardmetals and cermets, and the formation of a core–rim structure.

However, for the HEC 2-Co material ((Ta-Ti-Nb-V-W)C-Co), homogeneously mixed
carbide grains embedded in a binder phase were observed. Only a broadening of the XRD
peaks of the HEC phase indicates that the formation of a core–rim structure of the HEC
phase started. This is in agreement with the SEM investigation, which revealed a slight
depletion of some of the carbide-forming elements in the rim area. A slight adaptation of
the starting composition might prevent this process.

The measurement of magnetic saturation indicates for both HEC hardmetals a larger
dissolution of HEC-forming elements, with resulting mS values in the range of 60 to 70%
as compared to unalloyed cobalt. Coercivity indicated a medium to coarse HEC grain size.
The hardness value for HEC 1-Co ((Hf-Ta-Ti-Nb-V)C) is 1200 HV10, while the hardness
value for HEC 2-Co ((Ta-Ti-Nb-V-W)C) is 1430 HV10. With up to 8.5 MPa·m1/2, the fracture
toughness values are lower than those of WC-Co hardmetals with corresponding hardness.
However, with a further carbon adjustment or with other binder compositions such as Ni,
Ni, Co, Ni, Mo or Ni, Fe higher fracture toughness values are expected, since Ni has been
shown to enhance the mechanical properties in cermets made from cubic hard phases such
as TiC, TiCN and NbC [4,44].

Further investigations are necessary to fully understand the microstructure–property
relations in these materials. The slightly selective solution–precipitation of some compo-
nents in certain HECs, for example, might open up possibilities to influence the binder
properties and to improve the properties of the material.

In conclusion, dense HEC-based hardmetals have not only been successfully fabricated
for the first time by sinterHIP, but for the first time at all. This shows that HEC-based
hardmetals can be produced in industrial-style furnaces, which leads to a high number
of new possibilities, such as material freedom for the manufacturing of machining tools
and other kinds of tools. Future research will focus on the use of directly synthesized HEC
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powders, different HEC compositions and the use of other binder elements, including
high-entropy alloys such as CoCrFeNiCu.
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Abstract: In this work, the fatigue behavior of a low-cost Zr58Cu15.46Ni12.74Al10.34Nb2.76Y0.5 (at%)
bulk metallic glass (BMG) fabricated by industrial-grade Zirconium raw material was investigated
under three-point bending loading mode. X-ray, fatigue tests under different stress amplitude and
fatigue fractography were conducted in order to characterize the amorphous structure, fatigue stress-
life (S-N) curve and fracture mechanism, respectively. It is found that the X-ray diffraction (XRD)
result showed a fully amorphous structure due to high glass-forming ability, cracks initiated from
inclusions near the rectangular corners at tensile surfaces and the fatigue endurance limit (~168 MPa)
and fatigue ratio (~0.13) termed as fatigue endurance limit divided by ultimate tensile strength in
stress amplitude were comparable to the similar BMG prepared by high pure raw materials.

Keywords: bulk metallic glass (BMG); fatigue behavior; industrial-grade zirconium raw material

1. Introduction

First developed some 60 years ago, amorphous alloys, usually namely metallic glasses,
have represented an interesting class of potential structural materials due to the lack of
long-range orderly arrangement of atoms [1]. The unique microstructure has led to a
range of intriguing properties, such as high strength, excellent hardness, large elastic
elongation and other functional properties. Prior researchers had attempted to characterize
the mechanical properties of thin ribbons and wires because of very high cooling rates
necessary to prevent crystallization, until bulk metallic glasses (BMGs) were developed
that could be fabricated at low cooling rates due to improved amorphous forming ability.
Nevertheless, BMGs are not still widely applied in engineering fields up to date due to the
major limitations of the corresponding service behavior, such as fatigue behavior.

As we all know, fatigue behavior for structural materials is very important and approx-
imately 90 percent of all service failures associated with mechanical causes is fatigue [2].
However, compared with other mechanical properties of BMGs, the fatigue behavior stud-
ies are few. Starting from 1998, Gilbert et al. first reported the fatigue behavior of BMG
and found that the fatigue endurance limit was low as ~8% of ultimate tensile strength [3].
From then, many researchers reported that the fatigue endurance limits of BMGs exhibited
a wide range with 8–50%, usually less than 20% of their ultimate strength [2]. Such poor
fatigue ratio was attributed to the lack of microstructure barriers such as grain boundaries
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and other lattice defects that can provide local crack–arrest positions [4–6]. Neverthe-
less, most of those were fabricated with high purity materials, let alone BMGs prepared
with industrial raw materials. In fact, there are many factors that could be involved to
play roles in fatigue behavior for alloys, such as composition, material quality, specimen
geometry, environment, temperature, surface condition, cyclic frequency, stress ration
and others [2]. Some of those might play more important roles than others. Hence, it is
significant to clarify and understand the fatigue behavior of low-cost BMGs prepared with
industrial-grade materials.

Apart from that, low-cost raw materials will promote industrial production and
applications for BMGs. In the relevant studies about lowering the cost of BMGs, Jiang
et al. [7–12] developed low-cost BMGs fabricated with industrial-grade raw materials by
introducing a small number of rare earth elements to improve glass-forming ability. Based
on this strategy, we designed and fabricated a low-cost Zr58Cu15.46Ni12.74Al10.34Nb2.76Y0.5
(at %) BMG with industrial-grade sponge Zirconium (Zr) and minor Yttrium (Y) addition
characterizing remarkable amorphous forming ability and low-cost [13]. Accordingly, this
study is focused on the fatigue behavior of a low-cost Zr58Cu15.46Ni12.74Al10.34Nb2.76Y0.5
(at %) BMG prepared by industrial-grade material, with the objective of characterizing the
fatigue and fracture mechanisms.

2. Materials and Methods

In this study, the master alloys were firstly fabricated with industrial-grade sponge
Zr by vacuum induction melting method. The elements of Cu (99.95%), industrial-grade
sponge Zr (99.5%) with an oxygen content of less than 1000 ppm, Ni (99.96%), Al (99.9%),
and Nb (99.95%) were adopted for the preparation of the ingots. To achieve a homogeneous
distribution of elements, the master alloys were re-melted one time, flipped for each melt.
Prior to melting, the furnace chamber was evacuated and then backfilled with high purity
Ar. The cooling in the melting was conducted in a water-cooled steel mold. After that, the
alloys were produced by high-pressure die-casting and machined into rectangular fatigue
test samples with a dimension of 2 mm × 2 mm × 30 mm. The schematic of samples and
fatigue test loading conditions are shown in Figure 1. Additional details about the ingot
preparation are described elsewhere [13].

 

Figure 1. The schematic of samples and fatigue test mode.

Before fatigue testing, the specimens were ground with SiC papers and polished to
produce mirror surfaces. Then, specimens were employed to conduct fatigue testing until
the specimens failed or 107 cycles. Stresses were calculated from simple beam mechanics
theory, using the following equation:

σ =
3PS
2bt2 (1)

where P, b, t and S are the applied load, width (~2 mm), thickness (~2 mm) and loading
span (~20 mm) of fatigue test specimens, respectively. The fatigue tests were conducted
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by a computer-controlled material test system (MTS Acumen 3) electrohydraulic-testing
machine (MTS Systems Corporation, Eden Prairie, MN, USA). In order to obtain the
stress–life (S-N) fatigue data, specimens were tested under a wide range of maximum
bending stress from 340 MPa to 1000 MPa (just below the ultimate tensile strength) with
a constant R ratio (R = σmin/σmax, where σmax and σmin are the applied maximum and
minimum stresses, respectively) of 0.1 under a stress-controlled mode in the air at ambient
temperature with a sinusoidal waveform at a loading frequency of 60 Hz. To compare
fatigue ratio with other alloys, tensile tests were conducted and the tensile stress–strain
curve of this BMG at a constant strain rate of 1 × 10−3/s under ambient temperature is
shown in Figure 2.

 

Figure 2. Tensile engineering stress–strain curve for Zr58Cu15.46Ni12.74Al10.34Nb2.76Y0.5 bulk metallic
glass (BMG).

The amorphous structure was determined by standard X-ray diffraction (XRD, Rigaku,
Tokyo, Japan) with a TTP III (Cu Kα radiation) in the range of 20–80◦, with a step-size of
0.02◦, a dwelling time of 0.5 s and scan speed 5◦/min. The failure surfaces of specimens
were observed by scanning electron microscopy (SEM, Carl Zeiss Microscopy Ltd, Jena,
Germany) with a Zeiss Supra 55 operated at 20 keV and a working distance of 15 mm.

3. Results

3.1. Calculation for Parameters Ω and δ

Based on the phase formation rule for multi-component alloys proposed by Yang and
Zhang [14], relevant ΔSmix, Ω and δ parameters for our BMG were calculated to estimate
the glass formation ability. With high ΔSmix (≈1.2R), δ (≈10) and low Ω (≈0.5), this BMG
coincides with BMG-formation criterion, indicating high glass-forming ability. Here, ΔSmix,
Ω and δ parameters are defined as below:

ΔSmix = −R
n

∑
i=1

ci ln ci (2)

Ω = TmΔSmix/|ΔHmix| (3)

ΔHmix =
n

∑
i=1,i �=j

cicjΩij (4)

Ωij = 4ΔHmix
AB (5)

δ = 100

√
n

∑
i=1

ci

(
1 − ri

r

)2
(6)
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where ci is mole percent of component, R is gas constant (R = 8.314 J·K−1 mol−1), Tm is the
melting temperature of the multi-component alloys, ΔHmix

AB is the enthalpy of mixing of
binary liquid alloys, ri is atomic radius and r is the average atomic radius.

3.2. XRD Pattern

The XRD pattern (Figure 3) shows a fully amorphous structure for our BMG fabricated
by industrial-grade sponge Zr, which is also consistent with phase criteria [14].

 

Figure 3. X-ray diffraction pattern of the Zr58Cu15.46Ni12.74Al10.34 Nb2.76Y0.5 BMG specimen.

3.3. Stress–Life (S-N) Fatigue Data

The stress–life (S-N) fatigue data of this BMG is shown in Figure 4. Figure 4a shows
S-N curve in the form of applied maximum stress, σmax, versus the number of cycles to
failure, Nf. In order to compare fatigue endurance limit with other alloys, as shown in
Figure 4b, S-N curves present in terms of Nf versus fatigue ratio (σa/σu), stress amplitude
σa (σa = 1/2 (σmax−σmin) normalized by the ultimate fracture strength (σu) of alloys, as
shown in Equation (7), where σmax and σmin are the maximum and minimum values of the
applied loading cycle [15]. It is worth noting that σu represents ultimate tensile strength
under three-point bending, four-point bending and tension–tension fatigue modes, and
ultimate compressive strength under compression–compression fatigue mode, respectively.
Hence, the fatigue endurance limits (fatigue ration) under different loading modes can be
compared with σa/σu. As shown in Figure 4a, the normalized fatigue endurance limit of
our BMG is σmax = 373 MPa. The ultimate tensile strength of this BMG is ~1300 MPa at
ambient temperature, as seen from Figure 2. As shown in Figure 4b, the normalized fatigue
endurance limit of our BMG is σa/σu ≈ 0.13 and σa ≈ 168 MPa (black line). This is compa-
rable to Vitreloy 105 (Zr52.5Ti5Cu17.9Ni14.6Al10, σa/σu ≈ 0.13, blue line) with high purity
raw materials under compression–compression mode [16] and Zr52.1Ti5Cu17.9Ni14.6Al10Y0.4
BMG (our previous work, σa/σu ≈ 0.14, green line) with industrial-grade raw Zr mate-
rial under three-point bending mode [17]. However, it is apparent that all of them are
lower than Vitreloy 105 with high purity raw materials under four-point bending mode
(σa/σu ≈ 0.24, red line) [18]. Apart from BMGs, commercial aluminum alloy (2020-T81, yel-
low line) and steel (300-M, pink line) were compared [3]. However, the fatigue endurance
limit of our BMG was lower than those. Moreover, the values of σmax and the cycles to
failure of our BMGs were fitted for engineering applications, as shown in Equation (8).

σa/σu =
1
2

σmax − σmin
σu

(7)

log(N f) = 7.0861 − 1.1465log(σmax − 372.1) (8)
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(a) (b) 

Nf Nf

Figure 4. Stress–life (S-N) fatigue data for several alloys. (a) Maximum stress (MPa) versus Nf;
(b) Stress amplitude/tensile strength (σa/σu).

3.4. Fatigue Fractography

Figure 5 shows the fatigue fractography of our BMG. The fatigue fractography tested
at σmax = 800 MPa after Nf = 24,369 are shown in Figure 5a–c and σmax = 400 MPa after
Nf = 805,992 are shown in Figure 5d–f, respectively. Both of the fracture surfaces are
perpendicular to the tensile stress direction. It is apparent that the fractured surface shows
three typical regions: crack initiation region, stable crack propagation region, and final
unstable fast fracture region. Figure 5a,d show over fatigue fractography and magnification
images of crack initiation region; Figure 5b,c,e,f show magnification images of crack
propagation region and fast fracture region, respectively. As shown in Figure 5a,d, the
fatigue crack initiated from the tensile side surface (outer side) of specimens and the
initiation sites were near the corner of beams. Further detailed observation showed some
as-cast defects, inclusions, near the crack initiation sites. In the latter stage, the fatigue
crack propagated and then formed an elliptical crack, as shown in Figure 5a,d. The area
of this region after long cycles life (Nf = 805,992, as shown in Figure 5d) covered larger
than short cycles life (Nf = 24,369, as shown in Figure 5a). In this stable crack propagation
region, typical uniform fatigue striations also were observed, as shown in Figure 5b,e. In
the final stage, in the fast fracture region, typical vein-like patterns were observed as shown
in Figure 5c,f.
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Figure 5. Fatigue fractography of our bulk metallic glass (BMG) tested at σmax = 800 MPa after
Nf = 24,369 as shown in (a–c) and σmax = 400 MPa after Nf = 805,992 as shown in (d–f). (a,d) show
over fatigue fractography and magnification images of crack initiation region; (b,e,c,f) show magnifi-
cation images of crack propagation region and fast fracture region, respectively.

4. Discussion

Several factors should be considered in the differences of fatigue endurance limits for
BMGs, such as composition, material quality, sample geometry, experiment environment,
surface condition, cyclic frequency, ultimate fracture strength and others. Zr58 Cu15.46
Ni12.74 Al10.34 Nb2.76 Y0.5 BMG (this work) and Zr52.1Ti5Cu17.9Ni14.6Al10Y0.4 BMG (our
previous work) possessed similar fatigue endurance limits due to similar compositions
and ultimate tensile strength. Generally speaking, fatigue endurance limits are positively
associated with ultimate tensile/compressive strength. Thus, the two BMGs possess similar
S-N curves. In addition, as shown in Figure 4b, the fatigue lifetimes under compression–
compression mode (though possessed the lowest fatigue endurance limit) are longer
than that under three-point bending and four-point bending mode. According to other
research [16], loading mode may be the dominant reason. The fatigue crack initiation and
propagation can be impeded under compression–compression mode. It is possible that
the fatigue crack propagated under compression–compression mode like a Mode-II crack,
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but Mode-I crack propagated under bending mode [19]. Mode-I crack is an opening or
tensile mode tending to propagate quickly. However, Mode-II crack tends to slid or shear
mode and propagates relatively slowly. Therefore, the lifetimes may be diverse due to
different loading modes for BMGs. The fatigue endurance limit of Vitreloy 105 BMG under
four-point bending mode (red line) is higher than others, as shown in Figure 4b. The major
reason for the great variation in fatigue endurance limits under similar loading modes may
be specimen geometry and defects [17,19]. Although there are all beam samples, the corners
of the samples are different. Rounded corners under four-point bending mode can strongly
reduce the stress concentration as opposed to rectangular under three-point bending and
compression–compression modes. It is possible that the fatigue cracks in the rectangular
samples formed more easily than those in the rounded samples. Then, the inclusions, as
shown in Figure 5a,d, played an important role and further enhance stress concentration.
The free volume and incompatible deformation could be caused near the interface between
inclusions and matrix under cyclic loading due to the composition diversity. Subsequently,
the stress concentration was further enhanced, which promoted the formation of cracks.
There are two main views about fatigue crack initiation. Cracks may initiate from the
shear bands [2,20–23] or casting defects, such as inclusions and pores. It is apparent that,
in our low-cost BMG with industrial-grade Zr raw material, fatigue crack initiated from
inclusions due to stress concentration. Typical uniform fatigue striations were obvious on
the stable crack propagation region, as shown in Figure 5b,e. For crystalline alloys, the
striation formation is associated with the blunting and resharpening of the crack tip during
each cyclic loading. Similarly, the striations in BMGs are also associated with the blunting
and resharpening process [18]. The vein-like patterns were observed in the unstable fast
fracture region, as seen in Figure 5c,f. The abundant vein-like pattern formed in this region
is due to the viscosity change suddenly. At the moment of the failure, abundant elastic
energy could be released, meanwhile, the temperature rises sharply [24]. Thence, the
viscosity greatly reduced and vein-like patterns formed. However, there are no distinct
local melting regions observed in other research studies [25,26]. It is possible that the
released elastic energy may not provide enough heat to result in local melting.

5. Conclusions

In this study, the fatigue behavior of a low-cost Zr58Cu15.46Ni12.74Al10.34Nb2.76Y0.5
(at%) BMG fabricated by industrial-grade Zr raw material was investigated under three-
point bending loading mode. According to the relevant results and discussion above, the
following conclusions can be drawn.

With high ΔSmix (≈1.2 R), δ (≈10) and low Ω (≈0.5), Zr58Cu15.46Ni12.74Al10.34Nb2.76Y0.5
BMG possesses high glass-forming ability. The fracture surface shows three typical regions:
crack initiation region containing inclusions, stable crack propagation region consisting
of striations, and final unstable fast fracture region characterizing vein-like pattern. The
crack initiated from inclusions near the rectangular corners due to stress concentration.
The fatigue endurance limit (~168 MPa) in stress amplitude and fatigue ratio (~0.13) of
this BMG are comparable to the similar BMG (Vitreloy 105) prepared by high pure raw
materials.
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