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The mechanical performance of ultrafine-grained materials is strongly influenced by the lattice defect structure,
i.e. the vacancy concentration, the type, arrangement and density of dislocations, the planar fault probability, as

well as the amount and character of grain boundaries.

In this paper, the correlation between the processing

conditions, the lattice defect structure and the plastic behavior of ultrafine-grained materials is overviewed. For
the processing route of severe plastic deformation, the influence of applied strain, hydrostatic pressure, as well as
melting point, stacking fault energy and alloying on grain size, dislocation density and strength is studied. For
nanopowder sintering techniques, the effect of atmosphere, temperature and time of consolidation on lattice defects

and mechanical properties is discussed in detail.
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1. Introduction

In the last decades ultrafine-grained (UFG) materials
have become a focal point of materials science due to
their unique physical, chemical and mechanical proper-
ties that destine these materials to novel and promising
applications. The type and densities of lattice defects
have a significant effect on the mechanical performance
of UFG materials [1]. For instance, the strength caused
by dislocations (o4is1) can be described by the well-known
Taylor formula [2]:

oais = aMTGbp'/?, (1)
where G is the shear modulus, p is the dislocation density,
M7 is the Taylor factor, b is the magnitude of the Burgers
vector and « is a constant. The value of b depends on the
type of dislocations, e.g. on the population of the (a), {c)
and (c+ a) dislocation slip systems in hexagonal materi-
als. Parameter « is influenced by the arrangement of dis-
locations, as its value is different for uniform dislocation
distribution and for dense dislocation arrangements, such
as low-angle grain boundaries or dipolar walls [3]. An-
other crystal defects, such as vacancies have also an effect
on the plastic behavior of UFG materials, since the diffu-
sion coeflicient is proportional to the vacancy concentra-
tion. Therefore, the deformation mechanisms controlled
by vacancy migration (e.g. the dislocation climb) can be
accelerated by increase of the vacancy concentration. For
instance, in UFG materials processed by severe plastic
deformation (SPD) at room temperature (RT) the va-
cancy concentration reached the equilibrium value char-
acteristic at the melting point (1075—107%) [4-8] which
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is seventeen orders of magnitude larger than the equilib-
rium vacancy concentration at RT.

Two-dimensional lattice defects, such as grain bound-
aries, have also a significant effect on the mechanical per-
formance of UFG materials. The strengthening effect of
grain boundaries is usually taken into account by the
well-known Hall-Petch formula [9, 10]:

oGB = k‘ydil/Q, (2)
where ogp is the yield strength increment caused by the
grain boundaries, d is the grain size and k, is a con-
stant depending on the material. It is noted that this
formula usually loses its validity for grain sizes smaller
than several tens of nanometers due to the domination
of deformation mechanisms occurring at grain bound-
aries (e.g. grain boundary sliding). The lower limit of the
grain size regime, where the Hall-Petch equation is valid,
increases with decrease of the strain rate of deforma-
tion [11]. Anyway, Eq. (2) reflects that a higher amount
of grain boundaries (boundary area per unit volume) cor-
responding to a smaller grain size results in a larger yield
strength. It should be noted that besides the amount
of grain boundaries their character also influences the
mechanical performance of UFG materials. Namely, the
fraction of special coincidence site lattice (CSL) bound-
aries strongly affect the ductility and the fatigue behavior
of metallic materials. The high fraction of CSL bound-
aries with low X values usually yields a higher elongation
to failure during tension and a larger number of cycles
to failure in fatigue experiments [12]. This special grain
boundary structure can be achieved by thermomechani-
cal treatments referred to as grain boundary engineering

(GBE).

Former studies [13-15] have shown that the process-
ing conditions of UFG materials influence their lattice
defect structure (e.g. concentration of vacancies, density
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and character of dislocations, type and amount of grain
boundaries), therefore the properties of UFG materials
can be tailored by an appropriate selection of the pro-
duction methodology. For instance, in the case of UFG
copper processed by 8 passes of equal-channel angular
pressing (ECAP) at RT the grain size is 200-300 nm
and the main lattice defects inside the grains are va-
cancies and dislocations [14]. However, in the case of
UFG-Cu produced by pulsed electrodeposition the main
defects are grown-in twin boundaries inside the grains
with the size of 400-500 nm [13]. This difference has
a strong effect on the mechanical behavior. The yield
strength of the electrodeposited UFG-Cu was 900 MPa
which is more than twice larger than that for the ECAP-
processed Cu (400 MPa). The higher strength in the for-
mer case is caused by the small twin boundary spacing
(about 20 nm) as twin boundaries are also effective obsta-
cles against dislocation glide. The higher yield strength
in UFG materials is usually accompanied by a reduced
ductility [16]. However, in electrodeposited Cu the twin
boundaries do not reduce the strain hardening capability
of the material, therefore the elongation to failure is the
same (14%) as for the ECAP-processed sample [13, 14].
It should be noted here that not only the grain boundary
structure but in general the whole lattice defect struc-
ture can be tailored by an appropriate selection of the
processing conditions of UFG materials. Therefore, the
extension of “grain boundary engineering” to “crystal de-
fect engineering” is suggested.

In this paper, the correlation between the process-
ing conditions, the lattice defect structure and the me-
chanical performance in UFG materials is overviewed.
The processing methods of UFG materials can be classi-
fied into two groups. In the course of “bottom-up” meth-
ods the materials are built up from individual atoms,
molecules or their clusters (particles), such in electrode-
position or inert gas condensation. In the case of
“top-down” methods, the nanosized microstructural units
(grains or crystallites) are achieved by refinement of
coarse-grained materials. The grain refinement usually
occurs by severe plastic deformation that can be carried
out either on bulk materials as in the case of ECAP or
on powder samples e.g. by milling. In the case of nano-
materials processed by powder metallurgy the classifica-
tion may be more complex. The consolidation proce-
dures of nanopowders are usually declared as “bottom-
up” methods but the nanopowders used for sintering can
be produced by milling that is a “top-down” procedure.
In this review, illustrative examples will be given for the
effect of the processing conditions of both “top-down” and
“bottom-up” production methods on the defect structure
and the mechanical behavior of UFG materials. The in-
fluence of strain and hydrostatic pressure applied during
SPD, as well as the effect of atmosphere, temperature and
time in nanopowder consolidation on lattice defects and
mechanical performance of UFG materials are discussed
in detail. It is also shown how the melting point, the
stacking fault energy, as well as the solute content and

the secondary phase particles affect the defect structure
and the plastic properties.

2. Experimental

In this review, the lattice defect structure in UFG ma-
terials is characterized mainly by X-ray diffraction line
profile analysis, therefore a brief summary of this tech-
nique is presented here. The X-ray line profiles were mea-
sured by a high-resolution rotating anode diffractometer
(Nonius, FR 591) using Cu K, (A = 0.15406 nm) ra-
diation. Two-dimensional imaging plates detected the
Debye—Scherrer diffraction rings. The line profiles were
obtained as a function of the diffraction angle by inte-
grating the two-dimensional intensity distribution along
the rings at discrete angle values. The line profiles were
evaluated by the convolutional multiple whole profile
(CMWP) fitting analysis [17, 18]. In this procedure,
the diffraction pattern is fitted by the sum of a back-
ground spline and the convolution of the instrumental
pattern and the theoretical line profiles related to the
crystallite size, dislocations and twin faults. The CMWP
method gives the following parameters of the microstruc-
ture: the median of the crystallite size distribution (m),
the square root of the lognormal variance of the crys-
tallite size distribution (o), the dislocation density, the
dislocation arrangement parameter, the parameters of
the dislocation contrast factors which can be used for
the determination of the prevailing dislocation slip sys-
tems and the probabilities of stacking or twin fault.
The stronger the screening of the strain fields of dislo-
cation, the smaller the value of the dislocation arrange-
ment parameter. Strong screening of strain fields of
dislocations occurs e.g. when dislocations are arranged
into dipoles or low-angle grain boundaries. The twin
(or stacking) fault probability gives the fraction of faulted
planes among those crystal lattice planes which may serve
as habit planes of planar faults. The area-weighted mean
crystallite size can be calculated from the median and the
lognormal variance as (Z)area = mexp(2.502). More de-
tails about theory, methodology and practice of X-ray
line profile analysis can be found in [19].

3. Results and discussion

3.1. Evolution of the defect structure
and the mechanical performance in UFG metals
as a function of strain applied in SPD-processing

One of the most frequently used SPD method is ECAP
that enables the elaboration of bulk UFG or nanoma-
terials with dimensions of several centimetres in all di-
rections that is favourable in practical applications [20].
One pass of ECAP corresponds to an equivalent strain
value of about 1. The dislocation density increases while
the crystallite size decreases with increase of the num-
ber of ECAP passes, and their values saturate at the
equivalent strain between 2 and 4, depending on the ma-
terial and the processing temperature [21-28]. The satu-
ration of the dislocation density is a consequence of the
dynamic equilibrium between the multiplication and the
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annihilation of dislocations. The grain size determined
by transmission electron microscopy (TEM) has similar
evolution as for the crystallite size, however the grain
size is usually 2-6 times larger than the crystallite size
in SPD-processed UFG materials [1]. This phenomenon
can be explained by the fact that coherently scattering
domains (crystallites) correspond rather to subgrains in
severely deformed microstructures. The reduction in sub-
grain and grain sizes with increasing imposed strain is
attributed to the increase in dislocation density as grain
refinement during SPD usually starts by the arrangement
of dislocations into low energy configurations such as low-
angle grain boundaries. This evolution of the dislocation
structure is also indicated by the decrease of the dislo-
cation arrangement parameter determined by X-ray line
profile analysis [1]. It is noted that during SPD at high
homologous temperatures dynamic recrystallization may
also play an important role in grain refinement. When
the number of ECAP passes reaches a value of 10-15, the
dislocation density decreases and the crystallite size in-
creases [1]. For instance, in the case of Cu this change is
about 30%, which can be attributed to a structural relax-
ation in grain/subgrain boundaries by the annihilation of
extrinsic dislocations (these dislocations are not needed
to accommodate the geometrical misorientation between
grains/subgrains) [21]. This recovery is accompanied by
a decrease in the grain boundary thickness correspond-
ing to an evolution from non-equilibrium boundaries to
a more equilibrated structure.

In accordance with the increase of the dislocation den-
sity and the reduction of the grain size, the yield strength
of metallic materials processed by SPD increases with in-
creasing imposed strain and saturates at the strain value
of about 24 [1]. At the same time, the elongation to
failure reduces due to the loss of work hardening capa-
bility with increase of the defect (dislocations and grain
boundaries) density [16]. The structural relaxation (re-
covery) after 10-15 ECAP passes usually results in an
slight reduction of the yield strength and an improvement
of the ductility. Dislocations play a major role in hard-
ening caused by SPD in face-centered cubic (fcc) metals
and solid solutions, as the yield strength calculated by
the Taylor equation (see Eq. (1)) gives the majority of
the value determined by mechanical tests [1]. This ob-
servation can be explained by the fact that a large frac-
tion of grain boundaries consists of dislocations in SPD-
processed metallic materials, therefore their hardening
effect is also taken into account in the Taylor formula.
In order to achieve very high strength during SPD, it
should be clarified what the main factors are that influ-
ence the saturation dislocation density. In the next three
sections the effect of the SPD-processing conditions and
the properties of materials on the defect structure and
strength is discussed.

3.2. Effect of solute atoms and precipitates
on defect structure and strength in SPD-processed alloys
Alloying increases the maximum dislocation density
and the minimum grain size achieved by SPD due to the

pinning effect of solute atoms on lattice defects, thereby
hindering their annihilation [23, 1]. As an example, Fig. 1
shows the saturation values of the dislocation density
and the grain size obtained after 8 passes of ECAP at
room temperature as a function of Mg concentration in
Al(Mg) solid solutions. In pure Al the saturation grain
size is 1200 nm while 3 wt.% Mg alloying leads to a reduc-
tion of the grain size to 300 nm. It is noted that although
the minimum grain size in Al-3% Mg alloy is only 4 times
smaller than that in pure Al, the maximum dislocation
density is approximately 13 times higher. Accordingly,
the yield strength increases by a factor of 3.3 due to alloy-
ing with 3% Mg. The solute atoms increase the strength
directly by enhancing the critical resolved shear stress of
dislocation glide and also indirectly by increasing the dis-
location density. For Al processed by 8 ECAP passes at
room temperature the direct and indirect strength contri-
butions are 20 and 100 MPa, respectively. The addition
of 3% Mg to Al increases the direct and indirect strength
terms by 30 and 250 MPa, respectively. This observa-
tion suggests that solute atoms in SPD-processed alloys
enhance the strength mainly indirectly by increase of the
dislocation density.
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Fig. 1. The grain size, the dislocation density and

the yield strength as a function of Mg concentra-
tion in UFG-Al processed 8 passes of ECAP at room
temperature.

Secondary phase particles dispersed in the matrix
grains also increase the dislocation density and decrease
the grain size. For instance, in Al6082 alloy (composi-
tion: 97% Al, 0.7-1.3% Si, 0.6-1.2% Mg and 0.4-1% Mn
in wt.%) MgsSi and Mn15SizAls particles hinder the an-
nihilation of lattice defects during 8 ECAP passes at
room temperature, resulting in a fourfold reduction and
a threefold increment in the grain size and the dislocation
density, respectively [26]. The direct and indirect contri-
butions of these precipitates to hardening are comparable
(80 and 65 MPa, respectively).

3.8. Influence of melting point and stacking fault energy
on defect structure

As formerly mentioned, the saturation dislocation den-
sity is a result of the dynamic equilibrium between the
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multiplication and the annihilation of dislocations dur-
ing SPD-processing. The annihilation of dislocations is
thermally activated, therefore the maximum dislocation
density and the minimum crystallite (or grain) size are
expected to be higher and lower, respectively, for SPD-
processing carried out at lower homologous temperatures.
Therefore, when SPD is performed at room tempera-
ture, the saturation dislocation density and crystallite
size should be larger and smaller, respectively, for mate-
rials with higher melting point. This is roughly valid for
pure fcc metals processed by 8 passes of ECAP at room
temperature, as shown in Fig. 2. The data are taken
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Fig. 2. The crystallite size and the dislocation density

as a function of the melting point in pure UFG fcc met-
als processed by 8 passes of ECAP at room temperature.

from Ref. [1]. However, the saturation dislocation den-
sity in Ag is much larger than the values obtained for
metals with higher melting point. The extremely large
saturation dislocation density in Ag among other fcc met-
als can be explained by its very low stacking fault en-
ergy (SFE). The lower SFE usually associated with larger
splitting distance between partials in dissociated disloca-
tions. Therefore, there is a high degree of dislocation dis-
sociation in Ag which hinders the annihilation processes
(cross-slip and climb) of dislocations during SPD, result-
ing in very high dislocation density after ECAP. It is
worth to note that the saturation grain size in Ag is not
smaller than the values obtained for other fcc metals, i.e.
low SFE in pure metals does not cause smaller grain size.
This can be explained by the difficult arrangement of dis-
locations into boundaries due to their highly dissociated
state, as well as by the easy recrystallization in low SFE
pure materials which increases the minimum grain size.
The low SFE is associated with low twin fault energy and
the twinned volumes act as nuclei for recrystallization.
It should be noted that in some metallic materials the low
SFE can be reached by alloying (see e.g. Cu—Zn or Cu-Al
alloys). In this case, the effects of alloying and low SFE
on defect structure formed during SPD cannot be sepa-
rated, and the very small grain size in these alloys is often
explained by the low SFE [29, 30]. The results obtained
in pure Ag suggests that in low SFE alloys the small grain

size can be achieved due to the retarding effect of alloy-
ing elements on recrystallization. It is also noted that the
influence of melting point and SFE on maximum disloca-
tion density and minimum grain size is similar for other
SPD-processed crystal structures (e.g. body centered cu-
bic or hexagonal close packed) [31, 32].
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Fig. 3. The twin boundary probability as a function
of SFE for different UFG fcc metals and solid solutions
processed by SPD (ECAP or HPT) at room tempera-
ture. The grain size values are indicated at the datum
points.

It has been shown that the splitting distance between
partials depends not only on the shear modulus and
the SFE but also on the grain size in fcc metals [33].
The smaller the grain size, the higher the splitting dis-
tance between the partial dislocations in nanocrystalline
fcc materials, as this reduces the energy of the dissociated
dislocations emitted from the grain boundary. Therefore,
stacking faults are easily formed in nanograins and two
stacking faults on neighboring lattice planes yield a twin
lamella. The growth of this lamella can occur due to
stresses, therefore twinning becomes a dominant defor-
mation mechanism with decrease of grain size in fcc met-
als [33]. As a consequence, the reduction of both SFE
and grain size result in a higher twin boundary probabil-
ity, as shown in Fig. 3. In this figure the twin boundary
probability is plotted as a function of SFE for fcc met-
als and solid solutions processed by SPD. The data are
taken from Ref. [1]. The grain size values are also given
at the datum points. For a given SFE value, the higher
twin boundary probability is related to a smaller grain
size, as indicated the arrows in Fig. 3. It is noted that
the reduction in grain size in hexagonal materials yields
an opposite tendency, as the high stresses at the grain
boundaries facilitate the activation of pyramidal disloca-
tions instead of twinning.

3.4. Effect of hydrostatic pressure applied during SPD
on lattice defects and strength

High pressure torsion (HPT) is an SPD-processing
technique that applies very high pressure (2-10 GPa)
during plastic deformation [34]. The comparison of
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the microstructures developed during HPT and ECAP
can reveal the influence of hydrostatic pressure on de-
fect structure in SPD-processed UFG materials. During
ECAP-processing (without the application of back pres-
sure) the hydrostatic pressure is smaller at least by one
order of magnitude than in the case of HPT. Therefore,
it is expected that the high pressure in HPT leads to a
slower diffusion due to the increase of the vacancy migra-
tion enthalpy which can be given as Hyy = Evv+pVav,
where FEvy\ is the vacancy migration energy, p is the
hydrostatic pressure component of the stress field and
Viyum is the vacancy migration volume. The slower diffu-
sion hinders the annihilation of dislocations that might
result in an increase in the dislocation density and there-
fore it yields a smaller grain size. Figures 4a—c show the
grain size, the dislocation density and the yield strength,
respectively, for 2N5 purity Al, Al-1%Mg alloy, oxygen-
free (99.98% purity) Cu and interstitial-free (IF) steel.
The data are taken from Refs. [15, 23, 35, 36]. It can
be seen that although HPT results in a smaller grain
size, the dislocation density is similar as after ECAP,
except the case of Cu, where the dislocation density is
considerably higher after HPT-processing. The question
is why the dislocation density in other materials is not
higher after HPT compared to ECAP. Most probably,
the dislocation density under the large pressure applied
during HPT was higher than in ECAP-processing, how-
ever when the pressure was released a large fraction of
dislocations annihilates, as shown in Ref. [37]. In the
case of Cu, the relatively low SFE (compared to other
materials in Fig. 4) retarded this annihilation process, as
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Fig. 4. Comparison of the saturation grain size (a),
dislocation density (b) and yield strength (c) in different
UFG materials processed by ECAP and HPT at room
temperature.

discussed in the previous section, hereby resulting in a
higher dislocation density after HPT than that obtained
in ECAP-processing. Anyway, either the smaller grain
size or the higher dislocation deunsity after HPT yields
a higher yield strength compared to ECAP, as shown
in Fig. 4c.

3.5. Influence of initial powder particle size, time,
temperature and atmosphere of sintering on defect
structure and mechanical performance of UFG metals
processed by powder metallurgy

Besides SPD techniques, consolidation of nanopowders
is another route to produce UFG materials. In the follow-
ing, the influence of the initial powder particle size, the
time and temperature of sintering and the atmosphere
used in powder processing on the microstructure and
plastic properties will be illustrated on Ni. One sam-
ple was produced from a nanopowder with the average
particle size of about 100 nm by hot-isostatic pressing
(HIP) [38]. Before HIP, the glass containing the pow-
der was broken in a glove-box and subsequently encap-
sulated in a steel can and sealed under inert gas (Ar)
to prevent oxidation. HIP processing was performed
at 140 MPa and 700°C for 150 min. In order to investi-
gate the effect of time and temperature of consolidation
on the microstructure, another sample was also processed
from the same powder under Ar atmosphere by spark-
plasma sintering (SPS). During SPS, high current pulses
(1000 A /cm?) facilitated the consolidation, thereby the
time and temperature of sintering were reduced to 1 min
and 500°C, respectively [38]. The effect of powder pro-
cessing atmosphere was studied by consolidating another
sample by SPS under the same conditions but in this
case the capsule containing the powder was broken in air
(not in Ar) and rapidly transferred to a graphite mould.
Finally, in order to study the effect of the initial powder
particle size on the microstructure, a fourth sample was
consolidated from a Ni powder with the average particle
size of 50 nm by SPS under the same conditions as for
the previous specimen.

It was found that in the case of the initial pow-
der particle size of 100 nm, sintering caused a grain-
growth to about 400 and 300 nm for HIP and SPS,
respectively. The lower time and temperature in SPS-
processing reduced the grain-growth during consolida-
tion. The smaller the powder particle size, the smaller
the grain size in the sintered material, as for the initial
powder particle size of 50 nm, the grain size in the con-
solidated sample was only 250 nm.

X-ray diffraction and energy-filtered TEM investiga-
tions revealed that there is a native crystalline NiO layer
on the surface of Ni powder particles [38]. In the sintered
materials this phase appears in the form of dispersoids in
the Ni matrix. When the powder is processed in Ar atmo-
sphere the NiO content does not change during sintering
as a result of the careful isolation of the sample from air.
On the other hand, if the powder processing was carried
out in air, the NiO content in the consolidated samples
is significantly higher than in the initial powder. For
smaller initial powder particle size, the fraction of NiO
phase is higher due to the larger specific surface area.
The powder processing atmosphere (i.e. the NiO content)
has no considerable effect on the grain size (=300 nm),
the dislocation density (= 5 x 10'* m~2) and the twin
boundary probability (=0.3%) in the sintered materials.
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This can be explained by the high sintering temperature
which facilitates the bypass of NiO particles by disloca-
tions. Additionally, a large fraction of these NiO particles
are located at the grain boundaries which has no effect
on the dislocation multiplication in the grain interiors.
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Fig. 5. Stress—strain curves obtained by compression

for UFG-Ni consolidated by HIP or SPS under different
conditions. The inset shows the strengthening contribu-
tion of NiO particles as a function of the ratio of inten-
sities of NiO and Ni phases in the X-ray diffractograms.

Therefore, it can be concluded that in sintered UFG-
Ni material NiO phase has only a direct strengthening
effect which is illustrated in Fig. 5 where the stress—
strain curves obtained by compression are plotted. For
the samples processed in Ar from the initial powder with
the particle size of 100 nm, SPS results in a higher yield
strength than in the case of HIP, since the grain-growth
during the former procedure is limited due to the shorter
sintering time and the lower temperature. The powder
processing in air during SPS increases the yield strength
due to the higher NiO content [39]. The smaller ini-
tial powder particle size in SPS-processing also results
in a larger strength which can be explained by a com-
bined effect of the smaller sintered grain size and the
higher NiO content. The strengthening contribution of
NiO dispersoids can be estimated as the deviation of the
measured strength from the values predicted by the Hall-
Petch equation [39]. The strength caused by the NiO
phase for the studied four samples is plotted as a func-
tion of the NiO content in the inset of Fig. 5. It is noted
that the fraction of NiO phase is estimated as the ra-
tio of the intensities of NiO and Ni phases in the X-ray
diffractograms. A good correlation between the strength
contribution and the fraction of NiO phase is observed.
It should also be noted that for the samples processed
in air, the high oxide content yields an early softening
due to cracking (see in Fig. 5). The oxide phase at grain
boundaries weakens the bonding between Ni grains, re-
sulting in an easier cracking during deformation [38].

3.6. Effect of carbon nanotube addition
on lattice defect structure and mechanical performance
of UFG metallic materials

Carbon nanotubes (CNTs) are often used as filler
materials in composites due to their unique properties
(e.g. high elastic modulus, low density, large aspect ra-
tio) [40]. Metal matrix-CNT composites are usually pro-
cessed by powder metallurgy including the blending of
CNTs with the powder of the metal matrix by high-
energy milling and then the consolidation of the powder
blend [41, 42]. The latter step can be carried out by
HPT, as in this case an UFG microstructure is achieved
in the matrix, yielding a further enhancement of the
yield strength. In the following, the effect of the ad-
dition of CNTs on the defect structure and the hardness
of metal matrices will be illustrated on a Cu—CNT com-
posite processed from pum sized Cu particles and 3 vol.%
multi-walled CNTs (MWNTSs) by high-energy milling and
subsequent two-step consolidation procedure including
cold isostatic pressing and HPT at room temperature.
The number of turns and the pressure in HPT-processing
were 10 and 2.5 GPa, respectively [42]. An additional
sample from the pure Cu powder was also consolidated
under the same conditions.
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Fig. 6. Comparison of the grain and crystallite sizes,

the dislocation density, the twin boundary probability
and the hardness of pure Cu and Cu-CNT composite
consolidated by HPT at room temperature.

Figure 6 shows that the addition of CNTs to Cu yields
smaller grain and crystallite sizes by a factor of two,
as well as almost three times larger dislocation density
due to the pinning effect of CNTs on lattice defects (dis-
locations and grain boundaries). In pure Cu twinning
is marginal, while in the composite considerable twin
boundary probability is observed. The more active twin
formation can be explained by the higher stress level in
dislocation pile ups at glide obstacles (e.g. at Lomer—
Cottrel locks and grain boundaries), as CNTs hinder the
escape of dislocations from these pile-ups. If the local
stresses at these obstacles exceed the critical stress for
twin nucleation, deformation twins are formed. Figure 6
also shows that the hardness increases by a factor of ~1.4
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due to the additon of CNTs. The hardness enhance-
ment is in quantitative agreement with the increase of the
strengthening contribution of dislocations [42], therefore
CNTs have rather an indirect hardening effect, via in-
crease of the crystal defect density. The direct strength-
ening effect of CNTs is marginal as they are encircled by
dislocation loops formed during consolidation by HPT,
therefore the moving dislocations inside Cu grains inter-
act with these loops instead of CNTs.

4. Conclusions

In this paper illustrative examples for the correlation
between processing conditions, defect structure and me-
chanical performance of UFG materials were presented.
The following conclusions have be drawn from the results:

1. The defect structure and the strength of SPD-
processed bulk UFG metallic materials are strongly
influenced by the route and the strain of SPD pro-
cessing. In the case of room temperature SPD, a
maximum in the dislocation density and a mini-
mum in the grain size are achieved at the imposed
strain of about 2—4. HPT results in a smaller grain
size and a higher yield strength compared to ECAP,
however the dislocation density values are similar
after the two different processes, except the case
of Cu. Most probably, the slower vacancy migra-
tion caused by the higher hydrostatic pressure ap-
plied in HPT yields a higher saturation dislocation
density during processing, however a fraction of dis-
locations annihilated, when the pressure is released.
In the case of Cu, the relatively low SFE retards
this dislocation annihilation, thereby preserving the
higher dislocation density after HPT.

2. Dislocations play a major role in hardening caused
by SPD. The maximum dislocation density and
the minimum grain size obtained by SPD at room
temperature are higher and lower, respectively, for
larger solute content, higher melting point and
lower SFE of the processed material. The annihila-
tion of dislocations is thermally activated, therefore
the maximum dislocation density is higher while
the minimum crystallite size at room temperature
is smaller for higher melting point. For low SFE
materials, the high degree of dislocation dissocia-
tion hinders the annihilation of dislocations dur-
ing SPD. The solute atoms increase the strength
mainly indirectly by increase of the dislocation den-
sity. In precipitate-hardened alloys the direct and
indirect hardening contributions of precipitates are
comparable.

3. Twinning becomes more significant in the SPD-
processed fcc materials with decrease of both SFE
and grain size. The reduction in grain size in
hexagonal materials yields an opposite tendency, as
the high stresses at the grain boundaries facilitate
the activation of pyramidal dislocations instead of
twinning.

4. The strain to failure decreases with increase of
strain during SPD. However, the ductility can be
partly regained while the high strength retains
with the application of very large imposed strains
(at about 10-20) during SPD.

5. The smaller initial powder particle size, the lower
time and temperature of sintering yield smaller
grain size in the consolidated material, resulting
in higher strength. The oxygen content in the at-
mosphere of powder processing has no consider-
able effect on the grain size, the dislocation den-
sity and the twin boundary probability in the sin-
tered materials. Therefore, the oxide phase formed
during sintering has only a direct strengthening ef-
fect. The oxide phase at grain boundaries weakens
the bonding between grains, resulting in an easier
cracking during deformation.

6. In metal matrix-CNT composites, nanotubes
strengthen the composite mainly indirectly by in-
crease of the dislocation density. The nanotubes
impede the escape of dislocations from pile-ups,
thereby increasing the stress level and resulting in
an easier twinning in fcc metal matrices.
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