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Abstract

Ni-based superalloys used for turbine discs are typically produced via powder metallurgy, a
process which introduces undesirable non-metallic inclusions. Inclusions can be regarded as
fatigue crack nucleation hot-spots due to their differing mechanical properties compared with
the matrix they are embedded in. In this thesis, a series of models and experiments were used
to investigate the mechanistic drivers of fatigue crack nucleation in the vicinity of non-metallic

inclusions.

The drivers of decohesion and fracture of inclusions, often precursors to crack nucleation, were
found to be the normal stress acting on the interface and the inclusion maximum principal
stress, respectively. Exact values of either criterion were found using a cohesive zone model in
a crystal plasticity finite element (CPFE) model faithfully representative of a real
microstructure under low cycle fatigue. Decohesion and inclusion fracture were contrasted
against slip-driven nucleation by a stored energy criterion. The key finding here was that

decohesion and inclusion fracture marginally reduce fatigue life.

The comparative fatigue performance of an inclusion, a twin boundary and a triple-junction
were studied in a synthetic CPFE microstructure. The inclusion recorded a significantly lower
fatigue life compared with the intrinsic microstructural features. Various hardening models
were used to investigate cyclic decohesion in a stress-controlled regime. Under no hardening
model was cyclic decohesion predicted, strongly suggesting that decohesion is purely a

function of applied stress within the first cycle.

A discontinuity tolerant digital image correlation algorithm was developed to study fatigue
crack nucleation near a non-metallic agglomerate at 300°C. Decohesion and fracture of
inclusions occurred already within the first cycle of loading. Microcracks nucleated throughout
the inclusion agglomerate after 6000 cycles. In addition, a fatigue crack nucleated adjacent a
twin boundary in a coarse grain neighbouring the agglomerate. A high (angular) resolution
electron backscatter diffraction (HR-EBSD) analysis and a discrete dislocation plasticity
(DDP) model suggested that strong build-up of GNDs and slip near twin boundary owes to the

elastic anisotropy of twin and parent.
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1 Introduction
1.1 The contemporary gas turbine

A holistic understanding of a turbojet can be summarised in the mnemonic “suck, squeeze,
bang, blow”. Atmospheric air is drawn to a low-pressure area at the inlet of the jet engine. Air
entering the inlet is compressed by a series of compressor blades attached to discs which are
connected to a shaft. The compressed air then flows into a combustion chamber. Fuel is
atomised and dispersed in the flowing air. Continuous ignition of the fuel adds heat to the
compressed air which leads to rapid expansion of the gas. Downstream, the air meets a series
of turbine blades which are connected to a turbine disc. The turbine disc drives the same shaft
as the compressor. The extracted energy from the hot air is fed back to the compressor. This
feed-back process, or thermodynamic process, is known as the “Brayton” cycle. Only a fraction
of the kinetic energy is extracted from the hot air in the turbine, the remainder is ejected (at

high speed) through the exit where it acts as thrust.

LI
i%

iga ==

Fan Compressor Combustor Turbine

Figure 1-1 — A Rolls Royce Plc Trent 800 turbofan jet engine. The turbine section is highlighted in red where
Ni-based superalloys are concerned (adapted from [1])
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Modern jet engines are far more complicated than the description given above and rely on
several key modifications to increase thrust, improve fuel efficiency, reduce noise pollution,
and reduce component mass. Here, some typical modifications are outlined. The conventional
gas turbine typically comprises several compressor and turbine stages with multiple shafts to
optimise pressure ratios between atmospheric air and that within the combustion chamber.
Most commercial aerospace applications require high thrust and therefore often employ
turbofans (see Figure 1-1) instead of pure turbojets [2]. The turbofan sees a large fan attached
to the shaft in the front of the engine. The majority of thrust produced by the fan is diverted to
a bypass duct and is not compressed by the core engine thereby increasing the propulsive

efficiency.

The gas turbine is a highly engineered technology due to the extremities of conditions it
performs under. Components are subject to high cyclic loads, high temperatures and potentially
corrosive environments. The material selection is vital for component lifetime and safety. The
compressor typically uses Ti alloys to combat high cyclic stresses, relatively low temperatures
and corrosion in addition to being lightweight [3]. While the high temperature performance of
Ti alloys are admirable, the oxidation resistance degrades over increasing temperature [3]. The
turbine, of which this work pertains to, uses Ni-based superalloys to mitigate creep from high
temperatures, increase fatigue lifetimes, and reduce corrosion [1,4]. This comes at a cost to the
mass, as Ni-based superalloys are far denser than Ti alloys (7.7 gcm™3 [4] vs. 4.4 gcm™3 [3],

respectively)

The turbine section comprises a series of discs with blades. The blades are complex
components made of single-crystal Ni-based superalloy and are used to extract energy from the
fast and hot air stream. The blades are typically connected to the disc by fir tree joints [5]. Discs
will rotate around the shaft at high rotational velocities and due to their high mass, are safety
critical [6]. The cyclic loading conditions of the disc are two-fold, they experience the highest
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loads at take-off and then experience lower loads at cruising speed giving rise to both low cycle
fatigue (during take-off and landing) and high cycle fatigue (during cruise) regimes,

respectively.

1.2 On Ni-based superalloys

Ni-based superalloys are alloys comprising several elements. Principally, Ni is alloyed with Al
to form precipitates of y’ in a matrix of y. These two phases control the key properties of the
alloy. Elements other than Ni and Al are used for a number of reasons; to promote segregation
to either of the phases, as solid solution strengtheners, oxygen scavengers or prevention of
detrimental phases. Figure 1-2 (a) shows a typical arrangement of the y and y’ phases. The
exact morphology is dependent on the alloying elements and thermal processes taken in
manufacturing and can superalloys therefore exhibit a plethora of microstructural
configurations. Blades are typically manufactured to consists of a single grain and are therefore
termed single crystal. The single crystal configuration is used to promote the highest possible
creep resistance. Discs, however, place a greater emphasis on strength due to their load bearing
nature and lower applied temperatures. Therefore, a polycrystalline microstructure is desirable
to obtain a Hall-Petch strengthening effect. In a Ni-based superalloy polycrystal, the y and y’
are still present but display a different configuration, the polycrystalline microstructure is
shown schematically in Figure 1-2 (b). The y' phase segregates to several features; large
primary y" at grain boundaries, intragranular intermediate secondary y' and intragranular small
tertiary y’ particles. The prevalence of these three features is dependent on the thermal

processes taken during manufacturing.
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Figure 1-2 — (a) Typical superalloy microstructure in single crystal configuration, the cubes are y' with the

channels between being y. Each y' cube is about 500 nm wide (kindly provided by Alessandro Piglione). (b)

Schematic of polycrystalline microstructure of Udimet U720Li which is representative of typical turbine disc
alloy microstructures (courtesy of [7])

The y phase is a chemically unordered FCC phase which exhibits high strength and excellent
ductility. The y phase is often regarded as “channels” between the y’ precipitates. The y’
precipitates are chemically ordered with a cubic phase L1,. The chemical ordering assumes the
Nickel atoms to position at the faces of the periodic lattice while aluminium atoms inhabit the
corners. The L1, structure is shown in Figure 1-3. The lattice is similar to the FCC crystal
structure (and has in most cases a similar lattice parameter similar to the y phase) and exhibits
similar slip behaviour with 12 octahedral slip systems [8]. However, at high temperatures, the
slip behaviour may transition from octahedral to cuboidal slip causing an effect widely known
as the Kear-Wildsorf lock [9]. The chemical ordering of the L1, structure inhibits the motion
of a dislocation and forces the formation of an anti-phase boundary (APB) where a trailing
dislocation is required to complement the forward dislocation in dislocation motion [1].The
APB of a dislocation which has cross-slipped to a cuboidal slip plane makes the dislocation
pair sessile. In nominal terms, the microstructure may experience no decrease in yield strength
at high temperatures due to the thermal dependence of the Kear-Wildsorf lock, which increases

in frequency for higher temperatures.
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Figure 1-3 — The L1, lattice structure that the y' exhibits with chemical ordering of Al atoms at corners and Ni
atoms at faces

Gas turbine manufacturers are constantly developing and improving gas turbine performance.
Two critical parameters for performance of a jet engine are the pressure ratio and thrust
efficiency [2]. The thrust efficiency compares the energy input to the useful thrust produced by
the engine. The thrust efficiency is proportional to the temperature difference between the exit
and combustion chamber. A higher temperature difference provides a higher efficiency. By
increasing efficiency, gas turbine manufacturers can provide a product which is more fuel
efficient. Fuel efficiency is critical to aeroengine operators as it reduces operational costs. The
rising global average temperatures due to global warming also motivates operators to reduce
their fuel consumption. Environmental policy change will only increase this motivation in the
near future. It is therefore desirable to increase the operating temperature of the gas turbine
which poses increasingly higher demands on the disc component as it will be subject to more

severe thermal environments.
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Figure 1-4 — A typical non-metallic inclusion in RR1000, a disc alloy produced by powder metallurgy. The
inclusion (centre) is surrounded by a coarse grain structure. The etching process used on this sample was
extremely coarse and resulted in dislodging of primary y' seen by dimples at grain boundaries and triple

Jjunctions to the to the sides. This micrograph was obtained in a Zeiss Sigma microscope of an etched RR1000
specimen containing coarse inclusions.

Disc components are often produced by powder metallurgy to give fine grain sizes,
homogenous grain size distribution, reduced macro-segregation and near net-shape
components [10]. Non-metallic inclusions are a biproduct of the powder metallurgy process
and can be considered as a “weakest-link” for fatigue crack nucleation. Figure 1-4 shows a
typical inclusion in an alloy produced by powder metallurgy. While non-metallic inclusions
are detrimental to fatigue life, the benefits of the powder metallurgy process often outweigh
the potential fatigue crack nucleation risks. Owing much to their size, the mechanics of fatigue

crack nucleation near non-metallic inclusions is elusive and requires further research to
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understand fully. Under a mechanistic framework, fatigue life prediction frameworks can be

improved and thus lifing of disc components can improve.

1.3 Objective statement

This thesis addresses the mechanics of fatigue crack nucleation around non-metallic inclusions
using a host of state-of-the-art modelling and experimental techniques. The overarching
scientific objective is to determine under what conditions non-metallic inclusions drive fatigue

crack nucleation under normal gas turbine operation and what mechanisms drive this fatigue.

Here, a summary is given of the contents of the thesis. In chapter 2, a literature review is given
concerning the current state of research on fatigue around non-metallic inclusions. In chapter
3, an investigation of the competing nature of inclusion decohesion, fracture and slip-driven
fatigue crack nucleation is given. In chapter 4, several types of microstructural features are
compared in terms of fatigue performance within a representative model framework. In chapter
5, the development of experimental methodologies is outlined of which the experimental results
are shown in chapter 6. Chapter 6 regards the investigation of fatigue crack nucleation near a
non-metallic inclusion under high temperature low cycle fatigue. Finally, in chapter 7,

conclusions are given with suggestions for future work.
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2 Literature review

In this chapter an overview of the field of fatigue and inclusions is provided. First, a brief
overview of classical fatigue and more recent developments in the field of fatigue crack
nucleation is given. Following this, the literature concerning the properties and fatigue
behaviour of non-metallic inclusions is reviewed. The literature review aims to elucidate the
origins of non-metallic inclusions, their response to cyclic deformation and the nucleation of

fatigue cracks resulting from cyclic loading in the vicinity of inclusions.

2.1 Cyeclic plastic deformation

Fatigue (often confused with tiredness by the layperson) concerns the gradual degradation of
components which are cyclically loaded under the perceived nominal strength of the material.
Early rationalisations of fatigue concluded that while loaded below the material strength, cyclic
loading causes growth of microstructural defects (i.e., cracks) which results in the progressive
weakening of the material. Some notable examples of fatigue failures are the De Havilland
Comet jet passenger aircraft [11], where aggressive riveting on the fuselage introduced defects
which grew to failure during operation; Alexander L Kielland oil platform [12], in which cyclic
stresses from waves caused the fatigue failure of a structural brace and resulted in the collapse
of the platform; cold dwell fatigue of a titanium alloy fan blade in an Engine Alliance GP7270
engine [13]. Fatigue dominates engineering failure incidents around the world and therefore
attracts intense research by engineers and material scientists attempting to predict and prevent
future failures. In the following paragraphs, a top-down approach is used to explain various
concepts and important developments in fatigue, from macroscale concepts such as stress
controlled loading down to fatigue crack nucleation at the dislocation scale. For the sake of
brevity, the following review concerns fatigue crack nucleation and cyclic deformation without

reviewing fatigue crack growth.
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Figure 2-1 — A schematic of the typical S-N curve with labels showing the distinction between HCF and LCF.
An endurance limit stress Gongyurance 1S also shown. [14]

In stress-controlled loading, the S-N curve (shown schematically in Figure 2-1) describes
several important concepts in fatigue. It is also known as the Wohler curve after its inventor
[15]. The S-N curve describes the number of cycles to failure Ny of a sample for a given applied
stress g,. Here, the fatigue life assumes the entirety of the multi-level fatigue process, that is
to say it considers the sum of number of cycles to fatigue crack nucleation and the sum of
number of cycles for that crack to grow to failure. This is of course assuming the specimen
begins from a pristine, crack-free condition. The endurance limit of fatigue describes the
minimum stress at which fatigue failure may present itself. An important distinction in
literature is the separation between high-cycle and low cycle fatigue regimes. High-cycle

typically concerns Ny greater than 105 where nominal applied stresses cause bulk elastic strains
and low-cycle fatigue concerns Ny less than 10° cycles where the applied stresses cause bulk

plasticity. Despite bulk elastic strains in HCF, plasticity is still expected to occur at the
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microstructural level — making the distinction somewhat arbitrary and largely dependent on
material properties rather than number of cycles to failure (i.e., 10°). The mean stress of cyclic
loading (6,, = (Omax + Omin)/2) also plays a large role in fatigue failure where a large o,

will reduce the fatigue life of the specimen (shifting the curve in Figure 2-1 downwards).

The fatigue life can also be viewed from the perspective of strain-controlled loading. Coffin
[16] and Manson [17] independently developed a relationship between the logarithm of applied
plastic strain and the logarithm of cycles to failure. The relationship is linear and inversely
proportional such that a higher plastic strain amplitude reduces the number of cycles to failure.
It is however noted here that turbine discs are typically considered under stress-controlled
approaches due to the nature of loading under operation. This literature review (and thesis by
extension) therefore primarily concerns itself with topics integral to stress-controlled

approaches.

Strain hardening may take the form of kinematic, isotropic or a combination of both. Isotropic
hardening describes the isotropic expansion of the yield surface under plastic motion. The
Bauschinger effect describes the key phenomenon of kinematic hardening, where a material
loaded in reverse experiences a different yield point compared with the forward loading
introduced previously. These hardening models result in hysteresis effects in fatigue loading.
In effect, cyclic loading may result in hardening effects unique to fatigue. This is briefly

described in the next paragraph.

In low cycle fatigue, the first few cycles of loading introduce residual stresses due to the plastic
deformation. Continued fatiguing cycles can result in a steady-state where the residual stresses
introduced in the first few cycles inhibit further plastic deformation — this is known as elastic
shakedown [14] wherein cyclic deformation has become entirely elastic and is closed-cycle.

Shakedown may also be plastic, where a closed cycle of plastic deformation occurs with no net
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accumulation in plasticity. In the case where plastic deformation in forward loading is not
equally opposed in reverse loading, net accumulation of plastic strains occur per cycle. Net
accumulation of plasticity under fatigue is known as ratchetting. In strain-controlled loading,
mean stress relaxation is the analogous equivalent of ratchetting where a cyclic strain range
will result in cyclically softening of the mean stress. Cyclic responses for stress-controlled and
strain-controlled loading are shown in Figure 2-2. Under fixed amplitude stress-controlled

loading, the strain response may either reduce in cyclic hardening, or increase in cyclic

softening.
o € €
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Figure 2-2 — Cyclic hardening and softening under fixed amplitude stress controlled (a) and strain controlled
(b) loading with R=-1 (adapted from [14])

Residual stresses are introduced into a material due to incompatible deformation of the material
after application of a load (a load here may be from a stress or thermal source). The distribution
of residual stresses depend strongly on the local grain morphology and can result in local
residual stress heterogeneities which promote fatigue crack nucleation and growth phenomena

[18]. In particular, residual stresses on the free surface can either suppress fatigue phenomena
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if the surface is in compression or reduce fatigue lifetimes if in tension. Complete surface
compression is therefore a desirable effect and is introduced via shot-peening a surface [19].
Surface tension, on the other hand, typically deals with random residual stresses introduced
unintentionally in processing steps or by operating conditions. In given microstructures,
residual stresses are rate-dependent giving rise to important fatigue phenomena such as cold

dwell fatigue [20].

In a single crystal, cyclic loading introduces plasticity heterogeneously. Forward and reverse
loading produces dislocations (positively and negatively signed) on activated slip systems
which accumulate irreversibly [14]. Assuming the loaded slip system is equally activated in
forward and reverse loading then the equal generation of positive and negative dislocations
results in a small net Burgers vector. Continued cycling results in formation of dislocation
dipoles from mutually trapped edge dislocations. Networks of dislocation dipoles form “veins”
in the bulk material. Veins impede further dislocation motion, providing a slip system
hardening effect over the bulk of the material. Further plastic loading causes formation of a
localised structure known as a slip band. Slip bands span a large number of slip planes and
form a lamellar structure. Within the lamella, a ladder-like arrangement of grouped dislocations
exist. Each ladder step consists of mainly edge dislocations normal to the Burgers vector of the
slip band. Deformation between the ladders mainly consists of screw dislocations. Figure 2-3
shows a TEM micrograph of the dislocation structure after fatigue loading in a Cu sample

performed by Mughrabi et al.[21].
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Ladder step

Figure 2-3 — TEM micrograph of the dislocation structure within pure Cu after fatigue loading. The structure
consists of the slip band ladder structure and matrix dislocation veins (from [21])

Persistent slip bands (PSBs) are persistent in the sense the cyclic loads activate slip on the same
slip bands in forward and reverse loading. The exact nature of origin of slip banding is still

unknown. Recent work by Wang et al.develops the formation of slip banding via cross-slip

[22]:

1. Loading of slip systems causes dislocations to glide,
2. Stress between parallel and active slip systems is increased,

3. Slip systems between two parallel slip systems become active and lead to cross-slip.

Net slip accumulation on slip systems drives formation of slip banding, and irreversible
accumulation of local strain. The mutual trapping of oppositely signed dislocations results in
localised hardening within slip bands. Multitudes of slip bands on the surface of material
introduces roughness in the form of steps (e.g. intrusions and extrusions). Wood [23]

hypothesised that the intrusions and extrusions of the roughness on the free surface act as stress
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concentrators further promoting slip until a fatigue crack may nucleate. It is noted here
however, that crack nucleation may also occur from other features such as grain boundaries,
twins, pores, and inclusions which do not necessarily observe surface roughening from PSBs
[24]. It also does not explain internal nucleation sites in which the troughs and asperities of
PSBs act against grain boundaries and therefore do not cause surface roughening but rather

grain boundary roughening.

The character of the grain boundary and the interactions a slip band has upon meeting a grain
boundary also important for understanding fatigue crack nucleation. A slip band may be
blocked or transfer through a grain boundary to form a slip band in the adjacent grain [25].
Distinct types of grain boundary have also been reported to improve the fatigue life of a

material by acting as barriers to slip [26].

The development of slip banding and subsequent fatigue crack nucleation is therefore crucially
dependent on the development of local plastic strain accumulation. Stroh [27] considered that
the nucleation near a slip band was a process which dependent strongly on the density of
dislocations and the fracture toughness of the material. Crystal plasticity models have shown
that fatigue cracks do not crack at locations with the predicted highest amount of accumulated
plastic strain [28]. Fatemi and Socie [29] developed a parameter which considers the
accumulated plastic strain as well as the normal stress acting on the maximum shear range
plane which has become a widespread fatigue indication parameter. Sangid et al.[30]
considered an energy approach of fatigue crack nucleation from PSBs wherein the stability of
the PSB energy with respect to its dislocation motion is used as a criterion to predict fatigue
crack nucleation. Recent work, by Wan et al.[31] which considers local dislocation densities
as well as the necessary stress and plastic strain required for nucleation have shown excellent

agreement with experiments.
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At the present, fatigue life prediction models in component design ignore early stages of fatigue
life owing much to its complexity but also due to the unknown nature of exact mechanistic
drivers at the micron scale and below. However, advances in experimental techniques and
computational models (in addition to computational processing power) have driven continued
research into the field. Current fatigue research is therefore motivated by discovering
micromechanical drivers, improving prediction methodology and developing fatigue resistant

materials.

2.2 Non-metallic inclusions in powder metallurgy alloys

Turbine discs are commonly produced by powder metallurgy (PM) to produce fine,
homogenised grain sizes and eliminate macro segregation. Non-metallic inclusions are an
undesired biproduct of PM processing. The PM process can be broken into two essential steps:
(1) powder atomisation (ii) hot isostatic pressing [1]. A schematic of the full process is shown
below in Figure 2-4. An ingot is initially produced by vacuum induction melting (VIM) with
great care taken to reduce contamination from oxygen and nitrogen. The ingot is then melted
in a vacuum induction furnace. The molten metal is funnelled through a nozzle. The tip of the
nozzle is impinged by jets of unreactive gas (typically argon). The impinging jets cause the
flowing melt to spray and form droplets. The droplets rapidly cool and form powder particles.
Finally, powder particles fall to a chamber after passing through meshing filters which reduce

the size distribution of the final powder product.

The powder is then ready to be hot isostatically pressed (HIP). A final forging step is performed
to obtain the near-net shape of the component. Machining is typically omitted from the
processing steps, but manufacturers will often apply late machining for cooling systems such

as ducts in which air can circulate during operation.
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Figure 2-4 - Powder metallurgy processing steps (adapted from [1]) (i.) Vacuum induction melting of ingot, (ii.)
remelt and atomise (iii.) Sieving the powder through a mesh screen (iv.) Inserting powder into a canister
followed by (v.) degassing to remove oxygen and nitrogen then seal the cannister (vi.) The can is then either
HIPed or extruded (vii.) A final forging step is used to obtain the near net shape of component

Non-metallic inclusions may arise from several steps in powder atomisation process but in
modern processes the principal contaminant arises from erosion of the melt crucible when the
molten metal is in contact with the crucible lining [32]. The products of the erosion arrive in
the melt and downstream in the powder particles. Once HIPed, components contain a
distribution of non-metallic inclusions of varying sizes and types. To remove the propensity of
inclusions arriving in the components, manufacturers often apply the mesh sieve with the
intention of catching the large inclusions. Despite this, inclusions evade the mesh and can even
agglomerate within the metal during the HIPing process [10]. The exact nature of this process
is unknown and requires further investigation. Researchers are continuously improving the
cleanliness in Ni-based superalloy melts to reduce inclusion occurrence. Recent studies have

investigated removal by electron beam smelting [33] and electromagnetic levitation melting
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[34]. While powder metallurgy is in this context used to create turbine discs, metal powder is

also used for additive manufacturing where inclusions also persist [35-37].

Early studies of inclusions found that granular-type inclusions may be formed by reaction with
the metal matrix [38,39]. These inclusions bond and diffuse into the metal matrix thus forming
pseudo grains which are detrimental to fatigue life. In many ways these reactive inclusions
form their own grains, effectively becoming a separate phase within the microstructure. This
is in contrast with discrete inclusions, which may still experience bonding at the interface but
do not diffuse into the matrix. Inclusions were therefore categorised into “reactive” and “non-
reactive” types. Figure 2-5 shows reactive (also known as prior particle boundary (PPB)) and
non-reactive types of inclusions. Note that the non-reactive defect is much larger in size
compared with that of the discrete inclusion. PPB inclusions diffuse into the matrix material
yet may often contain a core of the original refractory material. Chang et al. [39] note that the
formation of PPBs requires a source of oxygen or carbon and may originate from refractory
binder or organic contaminants. It is hypothesised that trapped gas within the particle reacts
with the surrounding matrix during HIPing by dissolving into the surrounding matrix
[40].Reactive types were considered the “worst-case” inclusions for fatigue lifetimes [41]
owing much to their size, however, improvements in the processing of powders lead to a
significant reduction of reactive type inclusions [39] and their relative importance in literature

has faded as a consequence.

Non-reactive, discrete inclusions have therefore become the dominant defect type which poses
a problem in PM alloys. The non-reactive inclusions are ceramic in nature and form discretely
such that there is clear separation from the matrix. Inclusions found in RR1000 have been found
to be discrete yet have bonded with the matrix to some extent [42]. It is therefore noted that the
separation between the two types of inclusions is a distinction between the degree of diffusion
the inclusion undergoes as it is incorporated in the matrix. The nature of the matrix bonding is
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particularly important for considering the mechanical interaction of the inclusion with the
matrix. An inclusion without bonding will impose a lower constraint on the matrix during
loading. Debonding of the inclusion-matrix interface during loading is discussed thoroughly in
a later section. The nature of bonding at the interface is, however, poorly understood, and
further research is required to determine the exact nature of inclusion bonding within

superalloys.

(b)

Figure 2-5 — (a) SEM of a reactive type inclusion in Rene 95 (adapted from [39]) and (b) discrete non-metallic
inclusions which are agglomerated in RR1000 captured in an SEM

Caton et al.[43] studied the effect on inclusions on the fatigue life of a superalloy, Rene 88 DT
(where the designation DT indicates damage tolerance), and found that in samples where
nucleation occurred from inclusions, lifetimes were reduced. An SN curve of various fatigue
specimens in their study is shown in Figure 2-6 and importantly depicts the reduction of fatigue
life in samples where fatigue crack initiated at inclusions. Barrie et al.[19] found that surface
inclusions reduced fatigue life by three orders of magnitude compared to samples with no
inclusions. Hu et al.[44] found similar conclusions in FGH96 where the discrete inclusions are

comparable to the grain size.
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Figure 2-6 - An S-N curve showing location of fatigue crack nucleation for several samples. In samples where
fatigue cracks originate from inclusions, the life is notably reduced. (adapted from [43])

2.3 Effect of non-metallic inclusions on fatigue performance

The nucleation of fatigue cracks is complex and has spawned a vast field of literature which is
still being developed. This section is therefore kept brief to portray information relevant to the
non-metallic inclusions and Ni-based superalloys. Several researchers have given recent

reviews on the topic of fatigue crack nucleation [24,45-47].

It is outlined above that non-metallic inclusions that occur within polycrystalline Ni-based
superalloys negatively affect the fatigue performance of Ni-based superalloys. The factors that
affect the crack nucleation process are numerous; inclusion size [48], morphology [49,50],
agglomeration [51], inclusion material properties [52,53], applied temperature [54] and
inclusion debonding strength [51,55]. Each of these factors affect the loading performance of
the material where the inclusion presents itself as a stress concentrator — thus driving fatigue
crack nucleation. Inclusions may also play a role in pitting corrosion which later drives fatigue
initiation [56], but this is strongly dependent on local chemistries and has not been seen in

recent superalloy compositions. It is noted that the while the summary above considers
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inclusion fatigue nucleation under operation, initiation may also occur during processing of

components which later develop into fatigue cracks (e.g., [57,58]).

2.3.1 Inclusion size

Several reports indicate the importance of inclusion size on the behaviour of fatigue crack
nucleation location within an alloy [38,39,59]. Manufacturers often consider a critical-size
below which they are considered dangerous for fatigue life [57]. Shabrov and Needleman
investigated void nucleation near inclusions and found the size dependency to dominate the
nucleation response [60]. Their results indicate that inclusions size is the key factor in crack
nucleation — yet they acknowledge the mechanical properties of the inclusions also play a role.
A quantitative study into the effect of inclusions size on fatigue life in a tool steel by Yao et
al.[61] similarly shows the inverse relationship between inclusion size and fatigue life. A
critical size for harmfulness can be determined for inclusions below which the likelihood of
fatigue crack nucleation is suppressed [57]. Salajegheh et al.[62] developed a probabilistic
framework for predicting fatigue crack initiation near non-metallic inclusions considering the
size of inclusions. Pineau and Antolovich [63] created a Coffin-Manson like framework for
fatigue which also considers the size and distribution of inclusions. On the other hand, Kantzos
et al.[10] found that even with a small size distribution, a large number of inclusions may still

be detrimental to fatigue life.

2.3.2 Inclusion morphology

The shape of the inclusion may affect the performance in fatigue simply through being rough
and promoting stress concentration at corners [64] or, sections of the particle may be recipient
of large stresses driving inclusion fracture [65]. On the subject of aspect ratio, Yeratapally et
al.[66] observed that the aspect ratio of a given inclusion will affect the particle fracture

behaviour. Particles with high aspect ratios would prefer fracture along their longest axis
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whereas particles with low aspect ratio would fracture normal to the direction of maximum
principal stress. High aspect ratio particles with their major axis perpendicular to the direction
of maximum principal stress may therefore have arrested crack growth as their cracks are not
effectively aligned. Bozek et al.[67] studied the relationship between inclusion aspect ratio and
the maximum principal stress generated for an applied strain. Their research developed
inclusion fracture criteria using the size, aspect ratio and particle properties. Schifer et al. [68]
found similar results on aspect ratio in an experimental and modelling study. Shabrov and
Needleman [60] developed elastic-viscoplastic models to study the effect of inclusion
morphology on void nucleation at the inclusion interface. Murakami and Endo studied the
shape of inclusions and found that the difference in fatigue life between angular and spherical

particles was negligible and attributed size as a larger contributor to limiting fatigue life [69].

2.3.3 Agglomeration

In some circumstances, inclusions form agglomerates consisting of several discrete particles
embedded in the metal matrix near each other. Huron and Roth [70] found that agglomeration
of inclusions resulted in a higher incidence of inclusion initiated fatigue. They artificially
seeded an alloy with two types of inclusions; a large discrete ceramic type and an elongated
agglomerate type. Out of a number n of dog-bone specimens tested, for specimens with
agglomerates, 75% of initiations began at the seeds whereas specimens with blocky inclusions
recorded 40% of failures initiating from seeds. The remainder of failures arose from grain
boundaries. Fan et al.[71] studied cyclic plasticity at pores and carbides and found the spacing
of carbides to correlate with the local plastic shear strain range, suggesting a tighter cluster
promotes plasticity. Shenoy et al.[72] found that a shorter inclusion spacing reduced lifetimes

but the effect became negligible at higher applied strains.
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2.3.4 Properties of inclusions

The propensity for fatigue cracks to initiate at inclusions will also depend crucially on the
mechanical properties of the inclusion material. Hard, brittle inclusions are usually the most
deleterious in steels [57]. Classical studies have naturally considered the effect of differing
elastic moduli on local stress behaviour [73]. However, much owing to their size, the properties
of inclusions are often elusive. In addition, the origin of the inclusions is often unknown making
characterisation difficult. Modelling methodologies such as CPFE are often reduced to
describing inclusions as elastically isotropic particles [74,75] yet contemporary important
inclusions such as HfO2 may present monoclinic crystal structures lending to highly anisotropic
stiffness [76,77]. This anisotropy also presents itself in the thermal coefficient of expansion
[76], however, no research has investigated the effects of this. As the thermal expansion of the
inclusion will be dissimilar to that of the matrix, Bandyopadhyay [52] investigated the effects
of differing thermal expansion on inclusion driven fatigue crack nucleation and found that a
high coefficient of thermal expansion will increase the nucleation probability at elevated
temperatures. Zhang et al.[75], in a similar vein, found plasticity to prematurely develop near
an inclusion under thermal loading due to the differing coefficient of thermal expansion. In
another study, they found the effect of differing thermal expansion to be negligible compared
with the plastic strains introduced in loading [51]. The strength of the inclusion and the strength
of the interface between inclusion and metal matrix also affects the behaviour of inclusion

fracture and decohesion respectively, these are discussed in detail later.

2.3.5 Surface and subsurface initiations

Observations of fatigue crack initiation at subsurface inclusions has prompted several studies
investigating the discrepancy between surface and subsurface initiations [62,78,79]. Zhang et
al.[78] developed a criterion for fatigue crack nucleation which postulates a critical depth
which factors in surface stresses arising from shot-peening, gradients of applied bending and
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carburisation of the surface (a surface treatment strictly for steels). They also find that the
inclusion shape has a minimal effect on the fatigue life relative to the effect provided by the
residual stress of the surface. Shot peening in a superalloy has been found to have a positive
effect on surface initiations but initiations from the subsurface may still occur and high
temperature negates the effect [70]. Conversely, Hyzak and Bernstein [80] found no dominant

cracks to initiate at the subsurface in an unpeened alloy.

2.3.6 Temperature effect

Turbine discs operate at elevated temperatures. This has motivated several studies into the
effects of temperature on nucleation near inclusions. The effects of the coefficient of thermal
expansion has been mentioned above in 2.3.4 however, thermal expansion will only affect the
local strain upon heating. Under high temperature, creep and transitions from octahedral to
cuboidal slip will occur, changing the deformation behaviour in the neighbouring metal matrix.
In addition, at high temperatures superalloys retain their strength during temperature increase
[81] which may alter the local stress state. Huron and Roth [70] found fatigue life of inclusions
to strongly correlate with the applied temperature during low cycle fatigue tests where a higher
temperature increased the probability of failure at inclusions. Qiu and Wu [82] found a similar
conclusion where they argue that the interface between matrix and inclusion agglomerates
degrade at higher temperatures. Despite this, few studies have attempted to characterise the
mechanisms which drive this change at high temperature. Hyzak and Bernstein [80] argued
that the ease of heterogeneous slip-banding at lower temperatures produced pronounced
features which increased probability of fatigue cracking in the matrix, at higher temperatures,

environmental effects play a role in initiating failure at inclusions.
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2.3.7 Competition with other microstructural features

Inclusions may be considered to compete with intrinsic crystallographic features such as twin
boundaries in the case where they are below a critical size and that their properties are not
extremely dissimilar from the matrix. Stinville et al. [83] note that nucleation from inclusions
is more severe at lower applied stresses where at high stresses, samples preferred to fail from
crystallographic facets (e.g. twin and grain boundaries). Pineau and Forest [84] also found
inclusions to be the primary site at high cycle regimes. They conclude, however, that this is
primarily due to early initiation at these sites. Another study by Stinville et al.[85] saw reduced
initiation events at very high cycle regime where fatigue cracks would instead initiate at twin
boundaries. In the next section the mechanisms which take place around inclusions in fatigue

and promote early localisation are discussed.

2.4 Cyclic deformation around inclusions

During loading, particles embedded in the metal matrix impart a local enhancement to the stress
field. A particle stiffer than the matrix will elevate local stress thus causing early onset of slip
and development of slip banding. In early cycles of low cycle fatigue (meaning relatively high
peak stresses) several studies observe particles decohering from the metal-oxide interface or
fracture developing within the particle [38,86—88]. The properties of the inclusion are argued
to be the cause of the competition between particle fracture and decohesion where fracture
strength controls fracture and interface strength controls decohesion. In observations where
neither fracture nor decohesion occur but the stresses are still high, crystallographic cracks
nucleate on persistent slip bands impinging upon the particle. Thus, three scenarios may occur
local to inclusions if subjected to cyclic stresses: (i) inclusion fracture, (ii) interfacial
decohesion or, (iii) slip-driven nucleation. Here, literature that exists with case examples of
each is explored. It is worth noting that while all three mechanisms are vitally important to

understand fatigue crack initiation, particle fracture and particle decohesion are not the
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nucleation of a fatigue crack, rather a nucleation of a void which may later develop fatigue
cracks. The third mechanism, slip-driven nucleation, involves direct nucleation of a
crystallographic crack which may immediately grow in what is termed the short-crack growth

regime.

2.4.1 Inclusion fracture

Texier et al. [86] reported that fracture of particles in Inconel 718 may occur below 60% of the
macroscopic yield stress. However, initiation from fractured particles did not necessarily
reduce fatigue life of the dog-bone specimens in their study. An incubation period was observed
post particle fracture, where a significant number of cycles passed before a crystallographic
fatigue crack nucleated. In a follow-up study, they investigated the effect of “pre-fractured”
particles by applying a pre-strain to the fatigue test [89]. The study identified that particle
fracture may lead to (i) incubation (ii) metal-oxide decohesion from fracture void (iii)
nucleation of transgranular crack nucleation from fracture void. These mechanisms were
observed to be dependent on the neighbouring metallic grain crystallographic orientations. Pre-
fracture was hypothesised to arrest crack growth as the macroscopic yield strength would
increase after straining but a follow up study found that fatigue life decreased as most cracks

would nucleate at pre-fractured inclusions [90].

o = 700 MPa, N,=1.07X10°

Figure 2-7 - Fracture of a TiN inclusions in Udimet 720 and subsequent crack growth. Fracture of inclusions
has occurred early between cycle N=0 and N=5000. (adapted from [91])
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Goto and Knowles [91] performed a low cycle fatigue experiment on Udimet 720 Li via 4pt-
bending. Their results show that inclusions fracture by exceeding this critical principal stress
and 80% of particles fracture within the first few cycles of loading. In addition, fractures within
particles are near perpendicular to the loading direction — further suggesting that the maximum
principal stress drives the fracture. An example TiN inclusion fracture is shown in Figure 2-7.
They conclude that the inclusions are the major limiting factor of fatigue for this material.
Texier et al.[92] found that inclusion fracture was dependent on the applied strain level, where
higher strains resulted in more cracked inclusions. They also observed that fractured particles

occurred early without slip activity in neighbouring grains.

2.4.2 Inclusion decohesion

An inclusion may be perfectly bonded, partially debonded or completely debonded [93]. For
this discussion, studies which contain bonded inclusions are shown. In a low alloy steel,
Lankford [94] found that decohesion of the metal-oxide interface occurred within the first
tensile loading at stresses well below macroscopic yield. After debonding, a fatigue crack
would develop from the decohesion void after a considerable number of cycles indicating that
decohesion does not birth a crystallographic crack but may develop into a fatigue crack after

continued loading. This is a similar observation to the previously discussed particle fracture.

Zhang et al.[87] studied the development of strain around an agglomerated inclusion. They
argue that thermal residual stresses from processing resulted in early onset of plasticity in the
proximity of inclusions, indicating that high stresses near particles may not be solely caused
by the stiffer nature of particles. Using HR-DIC and HR-EBSD they found establishment of
significant densities of geometrically necessary dislocations (GNDs) which indicate high
residual stresses from fatigue loading. The follow up study [51], decohesion was argued to be
brittle in nature where the stress component is that normal to the interface. If o, exceeds a

critical value 0 4.conesion then decohesion will occur:
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In a similar vein, Landron [95] found the strength of decohesion using a modified version of

the Argon decohesion criterion [96] which accounts for local stress triaxiality.

Considerable work has been performed on the nature of interface deformation using the
cohesive zone model [60,97,98]. Xu and Needleman [99] investigated a similar model of a
plane inclusion suspended in a crystal matrix to investigate whether localisation in the crystal
matrix or decohesion occur first. They concluded that localisation may occur in the matrix if
the interfacial strength remains high enough — indicating that if the neighbouring matrix
experiences ratchetting and stress elevation, any interfacial strength may be overcome. They
also found that the development of decohesion was relatively insensitive to the parameters
describing the shear response compared with the description of normal response which

strengthens the argument that normal stress is a key driver in decohesion.

By seeding a large inclusion in a matrix, Naragani et al.[74] studied subsurface debonding and
crack nucleation in-situ in RR1000 using absorption contrast computed micro-tomography (p-
CT) and far-field high energy diffraction microscopy (FF-HEDM). They observe that the crack
did not initiate at sharp inclusion features or at the broadest cross-section. Instead, the crack
nucleated from the debonded section. Comparing FF-HEDM results to elasto-viscoplastic
modelling results show that debonding of the inclusion creates large stress gradients which
drive crack nucleation. In particular, debonding and associated residual stress create large
gradients in neighbouring grains which drive plasticity and create the necessary conditions for

crack nucleation.

In some studies, particle fracture may occur alongside particle decohesion, exhibiting a mixed-
mode initiation. Zhang et al.[87] studied the development of slip using HR-DIC near an

agglomerated non-metallic inclusion and observed fracture and decohesion events occurring in
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early cycles. A micro crack nucleates from these initiations in later cycles. A follow-up study
using a representative crystal plasticity finite element (CPFE) model investigated the
ratchetting phenomenon in the surrounding grains but did not find a conclusive stress for
fracture of particles [51]. Experimental studies by Chen et al.[100] conclude that fracture takes
place is softer and weaker inclusions whereas harder inclusions would prefer decohere from

the matrix.

2.4.3 Slip-driven nucleation

Fatigue cracks have been observed to nucleate directly in the metal matrix adjacent to ceramic
inclusions [101], rather than from voids introduced by decohesion and inclusion fracture. While
studying deformation around an inclusion in low cycle fatigue, Jiang et al.[102] observed
several cracks nucleating along grain and twin boundaries or persistent slip bands in FGH96.
They further noted that GND density and plastic were high in vicinity of cracks and concluded
that these were prerequisite for fatigue crack nucleation but not exclusively required as other
locations neighbouring the inclusion with high GND density and plasticity did not crack. A
follow-up study by Chen et al.[49] considered a faithfully representative CPFE model of the
inclusion with grain structure incorporated. Their results show that a stored energy criterion
was successful in the capture of fatigue crack nucleation sites. The stored energy criterion is a
measure of (elastic) stored energy at a material point considering the stress and plasticity but
providing a length scale normaliser in the form of dislocation density [103]. It may be

expressed as:

o:deP
AG = fu 2.2

\/ Pssa + pgnd .
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AG is the change in stored energy per plasticity increment and is the integral of the double inner
product of the stress tensor &, the plastic strain tensor €”, normalised by the dislocation
densities. Bold variables indicate tensors. ¢ is a fraction of the total dissipated energy stored in
dislocation structures, normally considered to be & = 0.05 [104,105]. Figure 2-8 shows the

correlation between stored energy and sites of crack nucleation.

crackb crackS crackl crack2

ALY

~8
6
2
o e L_n

—cyclel ——cycle3 —cycle7  ——cycle11

e b N ow
N e 0o

e N s oo o®
e = mow e

Figure 2-8, (a) a reconstructed microstructural model of a ceramic inclusion with metal-oxide interface
highlighted in red where D and D’ indicate the start and end point of a perimeter path. (b) The stored energy
density around the path D-D’ with excerpts showing experimental fatigue crack initiation sites (Adapted from

(49D

Tanaka and Mura [106] modelled the nucleation of a slip-band crack emanating from an
inclusion by approximating the dislocation pile-up on the inclusion boundary under a remote
stress. They estimate, in the case of slip-driven cracks, that nucleation occurs once an energy

condition is satisfied [107]. The self-stored energy U stored after n cycles is expressed as:

2n

Z U, = U, + 2nAU. 2.3

i=1

The first righthand term concerns dislocations introduced in the first loading, which Tanaka
and Mura consider to be insignificant in long-term fatigue. The energy stored per half cycle

AU is then written as:
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where At is the cyclic shear stress acting on a slip band, k is the frictional stress of dislocation
motion, y is the shear modulus and [ is the length of the slip band. They then estimate the

nucleation life n, from:
2n AU = 41W; 2.5

where W is the specific fracture energy on the slip band. They also consider the specific
fracture energy of grain boundaries W;. They conclude that their results are in qualitative

agreement with experimental results.

2.5 Concluding remarks

In this chapter, literature concerning the origin of non-metallic inclusions both for powder
metallurgy and processing methods which use metal powder (i.e. additive manufacturing), the
effect of inclusions on fatigue life, and finally the mechanisms which occur during cyclic

deformation around inclusions has been reviewed.

It has been made clear that non-metallic inclusions pose a debit to the fatigue life of any alloy
they inhabit but the present literature has not yet answered key questions about the
microstructural and micro-mechanical drivers for fatigue crack nucleation around these defects.
A complete probabilistic framework for predicting fatigue crack nucleation in an alloy
containing non-metallic inclusions will need a thorough understanding of the contribution these
mechanisms give to crack nucleation. This will improve the accuracy and thus increase the

confidence in component lifetimes.
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3 Competing mechanisms of inclusion fracture,
decohesion and slip-driven fatigue crack nucleation in
a PM nickel superalloy

3.1 Introduction

Fatigue crack nucleation at non-metallic inclusions may begin as voids introduced by
inclusion-matrix decohesion, inclusion fracture or slip-driven nucleation. These phenomena of
early-stage fatigue crack nucleation have all been observed around inclusions in Ni-based
superalloys and understanding their mechanistic drivers is vital for developing comprehensive
predictive frameworks for lifing of turbine disc components. SEM micrographs of inclusion
fracture (a), inclusion decohesion (b) and slip-driven nucleation (c) are all shown alongside a

schematic representation (d) in Figure 3-1.

Loading
direction

»

Free surface

Figure 3-1 - Micrographs of (a) particle fracture in Ni-base superalloy RR1000 , (b) particle decohesion in
RR1000 [51] and (c) slip-driven nucleation from an inclusion in a Ni-base superalloy FGH96 [49]. A schematic
diagram of the nucleation modes is shown in (d)
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The cohesive zone model was conceived by Dugdale [108] and Barenblatt [109] to describe
non-linear crack tip problems. In a contemporary cohesive zone model, surfaces (or elements)
are assigned a traction-separation relation which describes the behaviour of fracture (or
decohesion) as a load is applied. The approach is widely used to study delamination in
composites (e.g.[110,111]) but is applicable to any surfaces held together by cohesive forces.
In the context of decohesion of second-phase particles, the method has been used to model
elastic particles in an elastic-viscoplastic matrix [97], crystal plastic [99] matrix, silicon
carbide fibre decohesion in metal matrix composites [111], decohesion of thermal barrier
coatings [112], particulate decohesion in composites [110], and to investigate the influence of
a surface oxide in microcantilever experiments [113]. Elzas et al. [114] implemented a cohesive
zone model in a discrete dislocation plasticity framework and investigated crack growth at iron-

precipitate interfaces.

The traction-separation behaviour is often characterised by maximum traction, displacement at
failure and fracture energy (area under the traction-separation curve). The differing fracture
behaviours from mode I to mode II are well known [115]. The cohesive zone model is therefore
often described using mixed-mode relations [116]. The form of the traction-separation
relationship is argued to be of utmost importance by several researchers (e.g. [111,114,117]).
The physical significance of the relationship is in many cases based on atomistic predictions,
including the exponential based curve of Needleman [97], related to fundamental work on
binding energies of atomistically sharp planes by Rose et al. [118]. The exponential based curve
is potential-based as it derives directly from the separation of atomic entities whereas non-
potential shapes may be derived from phenomenological observations of fracture surfaces. The
potential versus non-potential view is argued by Park et al. [119] who have recently introduced

a generalised potential based cohesive zone model which is path dependent.
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Three distinctive fatigue crack nucleation modes - particle decohesion, particle fracture and
slip-driven nucleation — have been observed in relation to powder metallurgy nickel alloys
containing agglomerates. Previous work has assessed the particle-matrix decohesion by
quantitative study of interfacial normal stresses. However, the mechanistic basis of particle
fracture (as opposed to decohesion) has not yet been quantitatively assessed. In addition,
neither the particle-matrix decohesion nor particle fracture have been explicitly incorporated
in to model microstructural representations in order to account for the stress redistribution
which occurs from both mechanisms. Further, decohesion and particle fracture have not been
investigated in terms of how they influence subsequent slip-driven fatigue crack nucleation and
effect on fatigue life. Hence these are the objectives of this study which introduces cohesive
zone modelling in to faithful polycrystal plasticity representations of an experimentally
characterised microstructure. Both particle-matrix decohesion and particle fracture are
therefore allowed explicitly to occur such that the resulting stress redistributions and
corresponding changes to stored energy density may be captured. The stress redistribution
resulting from a particle fracture event, for example, then leads to significant changes to local
interfacial normal stresses at an adjacent particle thereby radically changing the local driver for
decohesion. Further, the stress redistributions resulting from both fracture and decohesion
change the distributions and magnitudes of the stored energy density accumulations and hence
the cycles required to give slip-driven fatigue crack nucleation. Hence the three failure
mechanisms are shown to be strongly coupled. In addition, the mechanistic basis of
experimentally observed particle fracture is addressed, revised interfacial particle-matrix
cohesive strengths are obtained, and their influence on slip-driven crack nucleation
investigated. This leads to the formulation of a preliminary mechanisms-based S-N curve for

PM nickel alloys with agglomerated inclusions.
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3.2 Methods

3.2.1 Crystal plasticity finite element formulation

In this section a detailed description of the crystal plasticity finite element formulation which
is used throughout the thesis in chapters 5 and 7. Specific modifications, such as kinematic
hardening and incorporation of stored energy density measurements, are given in their

respective chapters.

The key motivation for crystal plasticity is the desire to model heterogeneous deformation at
the grain level scale. Analytical and finite element methods which are assessed at the
engineering length scale often consider a material as homogenous in mechanical properties. As
a result, microscopic phenomena such as cracks, were often considered without considering
the effect of microstructural features (chiefly grains and their related properties). Thus, these
models were often over-idealised and resulting predictions were erroneous. Following key
developments by Pierce et al.[120], crystal plasticity became the eminent method for modelling

deformation at the grain scale.

In this thesis, implementation of crystal plasticity into a finite element framework is done
through a user-subroutine in the commercial FEA software Abaqus [121]. The formulation
follows that of Dunne et al.[122] in which a user-element (UEL) subroutine was written. In this
work, the implementation has been rewritten for a user-material (UMAT) subroutine. User
subroutines are element sub-models which solve the stress, tangent stiffness, and other user-
defined variables per deformation increment in a finite element model. The details of the finite
element model are not discussed in this thesis, instead the material formulation is discussed. A
discrete finite element will have assigned properties to determine the material response.
Locally, the material points need to define the orientation of the crystal lattice which determines

the anisotropic elasticity and the slip systems which will activate under a given deformation.
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Material properties, which will be discussed later, are naturally material dependent and
determine the stiffness, the criterion for plastic slip, the rate of plastic slip, the evolution of

dislocation densities and, the hardening resulting from dislocation densities.

The classical deformation gradient F may is decomposed to elastic F® and plastic FP parts

[123]:

F = FeFP 3.1

Deformation at a material point therefore needs to be described in both elastic and plastic terms.
In an FCC crystal system of which this thesis is concerned with, the elastic behaviour is
anisotropic according to geometry of the crystal lattice. FCC anisotropic elasticity is

incorporated via the compliance matrix, D:
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where E; is the Young’s modulus, v;; is the Poisson’s ratio and G;; is the shear modulus. The

subscripts i, j indicate orthogonal axes. The compliance matrix describes anisotropic Hookean
elasticity at a global scale may be rotated to the axes of a local crystal through rotation matrices

T, and T,:

C = T,DT:! 3.3
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For plastic motion, a shear stress T acting on a slip system a will have to exceed a critically
resolved shear stress 7.,ss. The shear stress acting on an individual slip system can be found

through:

7% = (on%) - s¢ 3.4

where o is the Cauchy stress tensor, n is the slip system normal vector and s is the slip system
direction vector. Ni-based superalloys have an FCC structure which exhibits 12 slip systems.
The slip systems in FCC are shown schematically in Figure 3-2. As deformation occurs, the

slip plane vectors are recalculated to account for any rotations the crystal undergoes.

/
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Figure 3-2 — The slip systems in FCC

The plastic velocity gradient LP may be expressed as [124]:

L? = FPFP! = Z 75 @ns 3.5
a

The rate change of the plastic deformation gradient is therefore found by the sum of slip rate y

on all slip systems . The slip rate [122] is governed by a physically based interpretation:
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where here, the parameters are based on material properties. p,, is the density of mobile
dislocations, v is the frequency of attempts to overcome the dislocation energy barrier, b is the
Burger’s vector, AF is the activation energy of the system, AV is the activation volume, k is
the Boltzmann constant, and T is the temperature. The slip rate equation models the motion of
dislocations encountering pinning barriers and the thermal activation of escape from these

barriers.

Under plasticity, dislocations glide and encounter obstacles in the form of other dislocations
[125]. In addition, plasticity generates dislocations through, for example, Frank-Read sources
[126]. With increasing plasticity, the material hardens as plastic motion becomes impeded with
increasing dislocation densities. Here, hardening is incorporated through the classical Taylor

equation:

Terss = Terssy T Gb\/ Pssa T Pgna 3.7

in which 7, is the initial slip strength, pgsq is the density of statistically stored dislocations
and pgnq is the density of geometrically necessary dislocations. The material point may
therefore harden at every deformation increment if the density of dislocations grows. In a
volume element of crystallographic material, the dislocations which are stored can be
dissociated into GNDs and SSDs [127]. SSDs arise from chance encounters with other
dislocations in the material which results in mutual trapping and thus causes work hardening.
GNDs are geometrically necessary in that they are required for accommodating the plastic
deformation of the crystal. They are responsible for length scale effects [128] which result in

gradient plasticity effects within the model.

63



The evolution of statistically stored dislocations is governed by a linear relationship between

the evolution of effective plastic strain p and the hardening constant A:
Pssa = AD 3.8

Where the effective plastic strain can be found through:

. ’2
D= §6p:ep 3.9

While the obtainment of SSDs is relatively trivial, GND densities are somewhat more difficult
to determine. The determination of GND density follows the formulation of Arsenelis and
Parks [129], a brief description is given here. The density of geometrically necessary
dislocations can be obtained from Nye’s dislocation tensor A [130] which can be related to the

curl of the plastic deformation gradient:
12
A = curl(FP) = Z pLbi®s! + ph, bt + ph,, bi@N 3.10
i=1

The GNDs within a crystal may be discretised into 36 components of screw and edge types
depending on their line properties. pg; is the density of screw dislocations on a given slip plane
with directional vector m, pg,; is the density of edge dislocations in the direction of t = s X n,

and pg¢.y, 1s the density of edge dislocations in the direction n.

By application of a linear combinator, A, the vector density of geometrically necessary

dislocations p 4,4 can be related to Nye’s dislocation tensor through [129]:
Apgna = A 3.11

in which p g, is a concatenation of geometric dislocation “types” pgs, Pget> Pgen 1NtO a 36-

component vector. Nye’s dislocation tensor is in equation 3.10 and 3.11 a nine-dimensional
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column vector which contains the dyadic product of Burgers vectors and direction vectors for
each discrete dislocation type. A is therefore a 9x36 matrix and requires Moore-Penrose

pseudo-inverse A™ to get:
Pgna = ATA 3.12

A scalar sum of the density of GNDs may then be found through a Euclidian norm:

pgnd = \/pfz;s + péet + pgea 3.13

At each increment in the model, an implicit scheme is used to integrate the constitutive
equations described above. A full description of the integration scheme and related Newton-

loop is given in [122]. A schematic of the incremental scheme is shown in Figure 3-3.

Abaqus increment outputs: ¢, t +

At, ot €t, Ae
——]  Determiney and AeP  J+— /
; or
Determine 1 = o — o' + Compute a trial stress o
DAeP
Update T T > Tepgs for
any slip
systems?
False
o =o'
Trye — > Determine density of GNDs
[ Update FP |

I I

| Calculate pgsq

Output state variables

Figure 3-3 — A simplified schematic showing the process of the UMAT at each deformation increment.
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CPFE considers the deformation of a crystal at the continuum scale. Typical element sizes can
be from the 100s of nm to several um. Discrete deformation features such as slip bands are
therefore not captured explicitly. Instead, crystal plasticity captures the homogenised
deformation over the element related to the influence of the crystal structure and development

of dislocation densities.

The stored energy density, which is that part of the plastic work which is stored by virtue of
the establishment of dislocation structural interactions [131] over a length scale determined by

the dislocation density, can be expressed as:

¢o:deP

\ Pssp

U= 3.14

where U is the stored energy density and ¢ is the fraction of plastic energy in a cycle used to
establish dislocation structures. This quantity has been used successfully to predict the location

of cracks in polycrystal models and is discussed further in the next section.

3.2.2 Ni-base Superalloy Agglomerate model

In a previous study [87], a three-point bend specimen was subjected to low-cycle, load
controlled fatigue. The specimen (12.7x3.5x1.94mm) was deliberately machined to contain an
oxide agglomerate inclusion on the tensile fibre of the front, free face. In the experiment,
developments of strains were recorded at interrupted intervals by using HR-DIC. In this study,
a new explicit model representation of the agglomerate microstructure has been developed.
This is related to that presented in [51] but very different in that it contains cohesive zone
surface interactions to facilitate the study of agglomerate decohesion and fracture which have
not been addressed before. The geometry was created from EBSD and SEM micrographs
showing oxide particles, fine inter-oxide grains and coarse grains. As subsurface

characterisation was not possible, edges were extruded to form columnar grains. This type of
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idealised model has been used in several prior studies with successful predictions of
deformation [132,133]. Appropriate crystallographic orientations were applied to the coarser

grains.

The small grains located between particles are numerous and obtaining accurate
crystallographic orientations is difficult owing to their size. They are therefore assigned a
reference orientation (i.e. the [1 0 0] pointing in x-direction and the [0 1 0] pointing in the y-
direction). The oxide particles were identified as hafnia via secondary electron microscopy
(SEM) energy dispersive X-ray spectroscopy (EDS). They were assigned elastic properties
obtained from reported values in the literature [76]. Isotropic elasticity was assumed due to
their size and difficulty in obtaining a surface finish sufficient enough to yield diffraction
patterns. The properties are shown in Table 3-1. The ensemble was contained within an
elastically isotropic medium representing the fine-grained, homogenous RR1000
microstructure. The physical properties used for the slip rule were obtained from calibration
against tensile tests performed at Rolls-Royce plc. The resulting slip rule properties are shown
in Table 3-2. Loading conditions local to the agglomerate region were inferred from a full beam
model utilising von Mises plasticity, as described in [51] together with the independent
experimental loading conditions and strain measurements. Therefore, a cyclic load controlled
boundary condition was applied such that the peak tensile stress experienced was 1366 MPa

(145% of yield stress).

Table 3-1, isotropic elasticity properties for Hafnia inclusions

E G v

280 GPa 90 GPa 0.295
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Table 3-2, the properties used for the slip rule.

prg b v AH T Terss A AV

005um? 351+10~*pm 1«10 s™!  3.456 + 10720 293 K 450 MPa 150 pm ™2 1.28b%

Coarse grains

Fine grains

Oxide
particles

Figure 3-4 - (a) Front-view mesh of the full crystal plastic submodel, (b) a detailed close-up of various
microstructural features and their meshing within the submodel

The new microstructural model contains around 60,000 swept C3D20R finite elements
representing the agglomerate oxide particles, and the coarse and fine Ni grains, and is shown
in Figure 3-4, together with a close-up image to demonstrate the microstructural features
captured. The mesh is refined local to the agglomerates since these are primary areas of interest
in the present work. The crystal plasticity constitutive behaviour is incorporated through a user-
material (UMAT) subroutine. Loading is applied on the right-hand surface to reproduce the

load created in the 3pt-bend experiment as discussed in [51].

On surfaces separating oxide particles from Ni matrix, an interaction is defined using an

elemental surface master-slave formulation with cohesive zone properties. This facilitates
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explicitly particle-matrix decohesion to be modelled. In addition, surfaces are also created
within oxide particles which have normals parallel to the direction of loading. These oxide-
oxide interfaces are also assigned cohesive zone properties, and this enables particle fracture
to be modelled independently. The cohesive zone model, and associated properties, used in this
study are outlined in the next section. In total, 135 interactions are defined with an initial
clearance between slave and master surfaces equal to zero. Example model predictions of local
strain distributions along defined paths are shown in the appendix along with the independent

experimental measurements taken from [51], showing reasonable agreement.

3.2.3 Traction-separation model

Both particle fracture and decohesion are observed in the Ni-base superalloy agglomerate
containing system. Here, the definition of the traction-separation behaviour between selected
oxide-oxide surfaces and metal-oxide surfaces to describe both particle fracture and decohesion
respectively. Decohesion has been argued to occur only when the normal stress acting on the
surface is sufficiently high [51]. It is therefore reasonable to assume that the tangential (mode
IT) and transverse (mode III) shear behaviours of the interface play little role in the decohesion
and appropriately simplify the traction-separation behaviour by assigning relatively high
max

tangential and transverse shear strengths, t{*** and t{"** respectively, while keeping the

normal strength, o;/***

physically representative of the true decohesion strength. The strength
has been found to lie in the range of 1270 — 1480 MPa in terms of normal stress acting on the
surface [51]; a parametric analysis is performed later in this study to investigate the validity of
this range. Experimentally, it is observed that decohesion occurs in a brittle-manner where the
stress carried normal to the interface eventually leads to the sudden decohesion of the metal-
oxide interface. It may therefore be postulated that the separation of surfaces is stress
controlled. The shape of the traction-separation curve is therefore argued to be of secondary

importance as, ideally, cohesion should cease after peak stress in reached. A bilinear traction-
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separation, originally developed by Geubelle et al. [134] and Alfano et al. [135] is therefore
used. A definition of the initial traction-separation gradient, k,, which is physically
representative of the interfacial stiffness, was made. Complete separation of surfaces is
typically said to occur when traction reduces to zero subsequent to attaining its peak value.
Here, the assumption is that decohesion occurs when the peak has been attained. While there
is little physical basis to assert that there is material continuity once this stress limit has been
exceeded, rapid unloading of traction post-nucleation poses potential convergence problems
for the three-dimensional finite element analysis. Convergence also becomes an issue when
large slope changes are present. The elastic snap-back effect is mitigated here by adding a
viscous regularisation term of g =0.01 [136]. In addition, in the current geometric
representation of the microstructure, while decohesion may have occurred at the oxide-matrix
interface on the sample free surface, the sub-surface material continues to provide constraint
such that the average through-thickness normal stress remains finite and non-zero. These
factors justify the need for a progressive linear interfacial unloading as shown in Figure 3-5
(b). A separation distance, 67, is chosen such that the progressive linear unloading produces

results reflective of experimental results.

Fracture of brittle particles is considered in a similar manner where a bilinear traction-
separation is used with the assumption being that fracture is driven by a maximum principal
stress. Surfaces are therefore orientated to be normal to the direction of loading (shown
schematically in Figure 3-5 (a)) with a ¢;/*** term controlling the nucleation of fracture in a
particle. The value of k,, is chosen to represent the elastic modulus of the oxide particle at the

length scale of a micron. Properties for both decohesion and fracture are given in Figure 3-5

().
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Figure 3-5 - (a) Schematic example of the oxide-oxide (particle fracture) interface is displayed as the black,
dashed line and metal-oxide (decohesion) interface which is shown in white for particle F1 (b) the traction-
separation relation used, and (c) the properties used for particle fracture and decohesion

The traction-separation behaviour is implemented through the Abaqus surface interaction
framework. The constitutive tensile behaviour of the cohesive zone is defined through contact
separation and contact stress. In compression, no damage is accumulated and hard contact is

defined.

3.3 Fracture strength of oxide particles

The experimental observations reported in [51] showed that both particle fracture and particle
decohesion occurred early during cyclic loading (within 1% -20% cycle). Figure 3-6 shows those
particles where fracture occurred and those for which decohesion occurred. In this section, the
microstructurally representative crystal plasticity model established above is firstly used to
investigate key quantities local to experimentally observed particle fractures in order to extract

the mechanistic drivers for the particle fracture phenomenon rather than particle decohesion.
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This is carried out by studying the local behaviour prior to the occurrence of any particle-matrix
decohesion or particle fracture. Explicit incorporation of the failure processes using cohesive

zone modelling is addressed in a later section.

Figure 3-6 - (a) trace of particles and grain boundaries in the agglomerate system with fractured particles
highlighted in red and decohered particles highlighted in yellow. Annotations are provided for fractured
particles (labelled F) and decohered particles (labelled D). (b) Experimental observation of the agglomerate
region after loading with fracture and decohesion represented by red and yellow lines respectively, taken from

[20]

Stresses normal to the particle-matrix interfaces around a range of particles have been
extracted. Figure 3-7 shows the predicted normal stress g,, = (0j) -j (where j is a vector
normal to the surface of a particle) distribution around particles which (a) and (b) decohered,
and (c) and (d) fractured in the experimental observations shown in Figure 3-6. The stress is
obtained here from the Ni integration points on the oxide boundary. The size of the arrow
indicates magnitude of stress with red arrows indicating locations of maximum normal stress.
Plots of stress magnitudes are given against the perimeter paths in Figure 3-8 for (a), (b), (¢)
and (d) respectively. Cohesive interface strengths of 1270 — 1480 MPa previously reported in
[51] are plotted on the graph. This range of decohesion strength was obtained by considering
the mean normal stress of decohered particles at peak loading conditions and comparing this

value against peak normal stress of unaffected (non-decohered) particles. Stresses at peak loads
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are found to exceed the cohesive strengths indicating that decohesion should have occurred for
all four particles (D1, D2, F1 and F2). For particles D1 and D2 (and others reported in [51])
the observed locations of decohesion are found to directly coincide with the location of peak
normal stress in a significant number of decohered particles. The peak normal stresses were
observed on interfaces which were normal to the direction of loading. Direct comparisons of
predicted decohesion sites and experimental observations are shown in Figure 3-9 with good
agreement. However, particles which were observed to crack in the experiment (eg F1 and F2
discussed above and in Figure 3-6) also develop high magnitudes of predicted interfacial peak
normal stress, suggesting that they also should decohere unless, in fact, they had already
fractured. This therefore suggests a quite separate mechanism is associated with particle
fracture and that the local drivers were high enough to cause fracture before the interfacial
stresses were high enough to drive decohesion. The variation of mean peak normal stresses
during the peak load at the interface is investigated for particles which decohered in the

experiment and particle which fractured in experiment. This is shown Figure 3-10.
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Figure 3-7 - normal stress distributions with respect to the particle perimeters for which (a) and (b) are
particles which decohere in experiment and particles (c) and (d) experience fracture after fatigue loading. Red

arrows indicate the location of peak normal stress.
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Figure 3-8 - profiles of normal stress distributions during unloaded, peak and partial (F= Fmax 2/3) loads of
the first cycle around the perimeter of particles. Plots a), b), ¢) and d) correspond to respective plots in Figure
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3-7. The previously reported cohesive strength range of 1270 -1480 MPa [51] is plotted as red bands. (a) and
(b) are for particles observed to decohere; (c) and (d) are for particles observed to fracture.

(c)

8

Figure 3-9 - (a)-(d) Normal stresses on perimeter of particles are shown together with their corresponding
experimental observations of particle matrix decohesion (from [51]) after fatigue loading. Red arrows indicate
point of maximum normal stress. (The smaller white particles partially visible are silica particles used as DIC

speckles.)
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Figure 3-10 - variation of particle mean of interfacial normal stress for particles which fractured in experiment
and particles which decohered in experiment.

75



The perimeter normal stresses are predicted to be higher for fractured particles so an alternative
driver for particle fracture is required. Maximum principal stress was investigated as the
potential primary driver of fracture in the brittle oxide particles. A maximum principal stress
criterion of a Rankine type supposes that fracture occurs once a principal stress exceeds a
critical value. Field plots of maximum principal stress are shown for the agglomerate region at
the peak of the 1 cycle in Figure 3-11. Peak stresses are notably higher in the oxide particles
due to their higher elastic modulus, and do seem to indicate the locations of particle fracture
observed in experiments, as shown in Figure 3-11 (b) and (c). Figure 3-12 shows arrow plots
of the direction of maximum principal stress for the peak the first cycle. These are primarily
orientated in the direction of loading during peak load. Some particles observed to fracture in
experiments are predicted to be subject to large maximum principal stresses. Particles F1, F2,
and F3 in particular are observed to have high maximum principal stresses in the direction
normal to the fracture plane indicating strong agreement with experimental observations for

these particles.

However, while the model predictions show some good agreement with experimental
observations, it is not always the case as certain oxides which remain unfractured in the
experiment are predicted to carry extremely high maximum principal stress. The model
predictions indicate that some particles with high interfacial normal stress should fracture (as
opposed to decohere) and some with high maximum principal stress should decohere (as
opposed to fracture). However, it is well recognised that the process of particle-matrix
decohesion and oxide fracture lead to stress redistribution and local relaxation which may
significantly alter the local stress distribution in the region. For example, decohesion taking
place at an interface orientated approximately normal to the primary loading direction would
have the effect of substantially reducing any axial (X-direction) stresses in the vicinity of the
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interface, thus reducing the propensity for both decohesion and particle fracture at adjacent
particles lying along the same line of loading. Hence a more detailed and complete analysis is
required to investigate and differentiate the mechanistic observations associated with particle
decohesion and particle fracture, which explicitly accounts for the process and effect of the

fracture and decohesion which occur. This is addressed in the next section.

D5 D8 D1 D7 D2 F5

Max principal stress
(MPa)

F1 F2 F3 D4 D6 F4 D3 Cycle

Figure 3-11 - Field plot of maximum principal stress (a) at the peak of the first cycle, and (b) a corresponding
close-up of the region with several fractured particles (F1, F2, F3), and (c) the corresponding SEM image
shown after fatigue loading [87].
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Figure 3-12 - Maximum principal stress is plotted as arrows which indicate magnitude (size and colour) and
direction for the peak of the first cycle.

3.4 Modelling of metal-oxide interfacial decohesion and particle fracture

using cohesive interfaces

Cohesive zones are introduced at all metal-oxide interfaces and within oxide particles to
investigate decohesion and particle fracture respectively in the agglomerate system. The
microstructural agglomerate model utilised above and shown in Figure 3-4 enhanced in this
way was employed to carry out the study with the same loading conditions presented above.
From the results obtained in the previous section (for which explicit decohesion and particle
fracture was not included), the oxide-matrix interfacial cohesive strength S, was estimated to
be 1270 MPa and the oxide particle fracture strength Sy to be 1580 MPa. However, the analysis
incorporating explicit decohesion and particle fracture led to early failure of all interfaces (be

they decohesion or fracture failures), demonstrating that the local interfacial normal stresses
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and intra-oxide maximum principal stresses exceeded the strengths given above. This indicates
that both decohesion and fracture strengths are higher than previously estimated by the model
which did not explicitly incorporate the failure processes. A sensitivity study (shown in Table
3-3) was therefore carried out using the microstructural model with a range of strengths for
both S, and Sr. Careful comparison of model results with the experimental observations of
particle decohesion and intra-oxide fracture facilitated the extraction of more appropriate
values for the strengths S, and Sp. The metal-oxide interfacial strength and oxide particle
fracture strength were therefore determined in this way to be S, = 2050 MPa and S = 2300

MPa respectively.

Table 3-3 - the test matrix of the parametric study performed to find the interfacial strength S, and the oxide
strength S¢

S¢ $p(MPa) Qualitative results

(MPa)

1270 1580 All interfaces damaged

1480 1800 All interfaces damaged

1800 1950 All interfaces damaged

2050 2300 Partial interfaces damaged in keeping with experimental
observations

2050 2500 Damage pertaining only to metal-oxide interfaces

These strengths gave computed results in which the number of initiations of interfacial
decohesion and particle fracture best reflected the experimental observations. Figure 3-13 (a)
shows interfaces which are predicted to fail in the model. Note that the stresses acting on the
interfaces peak within the first two cycles. The traction on metal-oxide and fracture interfaces

then declines since some stress relaxation is observed in the vicinity of particles after the first
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few cycles. Nucleation events are therefore exclusively observed within two cycles of the
applied load considered. SEM micrographs of the corresponding topography after fatigue
loading of 1000 cycles ( Figure 3-13 (b)) show fractured particles [20], and in particular, as
predicted by the model in Figure 3-13 (a) in the particles labelled F1-F3. In this region, several
particles fracture and are arranged in parallel with the direction of loading. The density and
proximity of particles in this region are likely to drive locally high stresses which lead to the
onset of particle fracture. Of the experimental particle fractures (F1 to F5) considered in the
region of interest in Figure 3-13, four (F1, F2, F3, F5) were correctly predicted to fracture. Of
the experimental oxide-matrix decohesions (D1 to DS), three (D1, D3, D5) were predicted to
decohere in this region. However, after the first cycle of loading at peak stress 1366MPa, the
total number of experimentally observed particle failures events was 14, compared to a
predicted total of 16. Of these, six were observed to be fractures and eight decohesions. The
model predicted nine particle fractures and seven decohesions. Hence some of the experimental
observations have been captured and it is clear that the hypothesised mechanisms (interfacial
normal stress and particle maximum principal stress for decohesion and fracture failures
respectively) do differentiate the observed failure types, even if not completely successfully in
all cases. Regrettably, some of the experimental observations [51] are obscured by DIC

speckles. A summary of the results is given in Figure 3-14.
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Figure 3-13 - (a) Schematic of the interfaces predicted to fail (highlighted in red for fracture and yellow for
decohesion). Failure is here defined as the peak normal traction exceeding the predefined strength of either
fracture or decohesion. (b) Experimentally observed particle fracture (red) and decohesion (vellow) are
annotated on a SEM micrograph of the corresponding region.
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Figure 3-14 - (a) the number of failure events (sum of fracture and decohesion) in the entire agglomerate region
and their type predicted by the model and observed in experiment during the first and second cycles at a peak
applied stress of 1366 MPa. (b) the model predicted number of failure events per cycle for differing applied
loadings (1366, 1300 and 1260 MPa) demonstrating the dependence of failure on remote stress.

The model facilitates an investigation of the effect of applied stress magnitude on the nature

(decohesion versus particle fractures) and number of failure initiations. In Figure 3-14, the
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model predicted number of failure events is shown for different applied peak loading for the
first two cycles for applied peak stresses of 1366, 1300 and 1230 MPa respectively. The first
cycle drives the largest number of failure events. A higher stress naturally causes a higher
number of failure initiations to occur. Failure initiations were found to cease to occur (in both
experiment and model prediction) after the second cycle. The frequency of initiation events is
however extremely sensitive to the remote loading. In the studied system, a 5% drop in remote
loading from 1366 MPa to 1300 MPa gives rise to an 80% drop in initiation events from 21 to
4 events. At 1230 MPa or 90% of original load, no initiation events are observed. Further

experimental and modelling studies are required to validate these results.

An abrupt change in decohesion and fracture events due to a decrease in applied stress suggests
the failure mechanisms (fracture and decohesion) are sensitive to the strain-hardening
properties of the material. A low strain-hardening would result in peak stresses occurring in
early cycles. The material considered in this study shows relatively low strain-hardening and
the failure mechanisms occur early. Early initiation is therefore likely stress-threshold based
and a reduction of applied maximum stress would result in a change of failure mechanism. It
is therefore possible to approximate a peak stress for which particle decohesion and fracture
initiations do not occur at all and thus provide a solution to inhibit initiations of this type. In a
high-strain hardening material, the expected response would be the development of significant
plastic straining near the oxide/matrix interface. In such a material, if early stresses are lower
than the initiation threshold, then fracture and decohesion may occur subsequently in later

cycles due to cyclic hardening.

Particle fracture and decohesion are processes which nucleate voids in the material and precede
fatigue crack growth yet the onset of these phenomena is not sufficient to predict crack
nucleation. Slip-driven crack nucleation occurs along persistent slip-bands impinging on the
oxide/matrix interface. These cracks are different from particle fracture and decohesion in that
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they are crystallographic in nature and may therefore begin to grow immediately. In the
experiment, it is observed that while fracture and decohesion occur early, a crystallographic
fatigue crack does not nucleate until after 1000 cycles. Fracture and decohesion may therefore
influence fatigue life, potentially redistributing stress and influencing the nucleation of slip-
driven crack nucleation. The next section addresses the competition of nucleation between the

particle fracture, decohesion and slip-driven initiations.

3.5 Towards fatigue crack nucleation mapping

Nucleation of fatigue cracks from non-metallic inclusions potentially originates from voids
created by particle decohesion, particle fracture but certainly by slip-driven crystallographic
fatigue crack nucleation. In this section, the three nucleation modes are contrasted
mechanistically. It is therefore sensible to utilise the criterion for crystallographic slip-driven

nucleation introduced above in equation 3.14.

The stored energy density, U, has been shown to give quantitative predictions of fatigue crack
nucleation sites and good prediction of fatigue life in steels [103] , Ni-base superalloys [31]
and recently at non-metallic inclusions [49]. A critical stored energy density value, U., was
introduced at which a fatigue crack is argued to nucleate. In [137], the critical stored energy
density was determined for fine grained Ni alloy RR1000 to be 404 Jm~2. The number of

cycles to nucleation is found from
Ue = foUdN 3.15

determined once the cyclic rate of stored energy accumulation has stabilised. In the present
study, the stored energy density has been employed as the criterion for slip-driven fatigue crack
nucleation. The agglomerate model above is utilised to investigate the role of the oxide

particles, together with their decohesion and fracture, on stored energy density evolution for
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the case of an applied load of 1366 MPa. After 10 cycles of loading in the model, the rate
increase of stored energy density per cycle stabilises and it is therefore reasonable to
extrapolate the stored energy rate at the end of this cycle and use equation 3.15 to find the

fatigue life.

Figure 3-15 shows the predicted development of stored energy density in a model in which
both decohesion and particle fracture are enabled (using the cohesive and particle fracture
strengths from earlier). After the second cycle of loading, all decohesion and particle fracture
events have taken place. Subsequent cycling then leads to the progressive evolution of stored
energy density in the presence of the voids. Comparison is shown with the experimental
microstructure where a crystallographic microcrack was found to nucleate between 1100 —
2000 cycles. The microcrack nucleation is localised in a region with predicted high stored
energy density. Using U, = 404 Jm™? as the criterion for microcrack nucleation, it was found
that the predicted cycles to fatigue crack nucleation are close to those obtained in the
experiments [51]. A region that lies above particle D5 has a predicted nucleation lifetime of
~500 cycles and lies directly in the experimentally observed crack path. In the region above

fractured particle F1, the model predicts a nucleation life of 1100 cycles.
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Figure 3-15 - The development of stored energy density in a model utilising cohesive zones for capturing
particle fracture and decohesion. (a) shows the stored energy density at the end of the first cycle and (b) after
the 10th cycle. (c) shows the same region in an SEM micrograph after 2000 cycles of loading [51]

This shows some agreement with the experimental observations in which crack nucleation
occurs between 1100-1900 cycles. Factors affecting crack nucleation behaviour which are not
accounted for include gamma prime depletion near agglomerates, as well as sub-surface grain
morphology and crystallography. The tertiary gamma prime particles in the vicinity of particles
are of the order of 40-50 nm. They likely influence the crack nucleation process but at a length
scale smaller than that which has been investigated. Primarily, the gamma prime particles
influence the slip resistance on a slip system and thus control the activation of slip and by
extension slip banding. In a material system without large defect features such as inclusions,
persistent slip bands and intrusions/extrusions will dominate the fatigue crack nucleation sites.
In the present system, however, the influence of inclusions (which are sized on the order of 1-

3 um) on fatigue crack nucleation is much greater.

A field plot of predicted cycles to crack nucleation within the entire microstructure modelled

based upon stored energy density is provided in Figure 3-16. Nucleation is predicted to occur
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exclusively near oxide particles. Locations above and below oxide particles, with the horizontal
loading considered, are found to be most prone to crack nucleation. Particles F1, F2, F3, D1,
and D5 lie on the nucleated microcrack site (see Figure 3-15 (c)) in the experiment which
strongly suggests that their fracture (F) and decohesion (D) respectively drive the nucleation

process.
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Figure 3-16 - Predicted cycles to crack nucleation based on the stored energy density in a model incorporating
particle decohesion and fracture. Experimental decohesion (D1-D8) and fracture (FI1-F5) sites are labelled.

Slip-driven fatigue crack nucleation has been observed to occur in a different but related Ni
alloy system containing inclusions [49]. Cracks develop at the metal-oxide interface and align
with crystallographic planes with high slip accumulation. Local stress, slip accumulation and
geometrically necessary dislocation density have all been shown to be important factors in this
nucleation type but a high magnitude of local stored energy density has been found to

unambiguously identify sites of crack nucleation. The agglomerate system considered in this
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chapter exhibits decohesion and particle fracture early in the loading history, which have then
linked by crystallographic slip-driven crack growth. The stored energy density has been shown
to evolve significantly in the vicinity of the particles and is influenced by the decohesion and
particle fracture. There is clearly an interplay between the three mechanisms. In order to
investigate this further, decohesion and particle fracture were inhibited in the crystal plasticity
model by assigning very high interfacial and fracture strengths such that the sole failure

mechanism is slip driven fatigue crack nucleation and compare with the previous study.

A range of analyses with the same polycrystal agglomerate model were carried out with
differing applied stress level (from 1500 down to 820 MPa) to obtain predicted cycles to slip-
driven crack nucleation (taking U. = 404 Jm~?2 as before) when both allowing particle

fracture and decohesion and when inhibiting it. The results are summarised in Figure 3-17.
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Figure 3-17 - S-N plot for cycles to crack nucleation estimated from cyclic stored energy accumulation for the
case in which failure (via particle fracture and decohesion) is allowed and for when it is inhibited. Particle
fracture and decohesion do not occur below the stress threshold of 1230 MPa.
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Particle fracture and decohesion have been shown to be stress dependent such that in a fatigue
scenario with high stress, debonding and decohesion occur early, leading to a change in local
stress and strain states and the corresponding stored energy density evolution with subsequent
cycles. When neither debonding nor particle fracture occur, the rate of evolution of stored
energy density at particles (but within the Ni matrix) is different, thereby changing the numbers
of cycles to fatigue crack nucleation. In the case where decohesion and particle fracture occur,
stored energy density is predicted to increase subsequently at a faster rate therefore leading to
shorter fatigue lives. This is demonstrated in Figure 3-17 where predicted cycles to crack
nucleation are plotted against applied cyclic peak stress for the cases in which debonding and

fracture are allowed to occur and when they are inhibited.

While crack nucleation from inclusions dominate in this study, it is important to consider that
crack nucleation may occur at other microstructural features within the same alloy. Several
studies have shown that in alloys containing inclusions, nucleation may occur at grain
boundaries rather than from particle decohesion and fracture, particularly at lower applied
stresses [70]. At low applied stresses, Heinz et al. [138] have observed that fatigue crack
nucleation originates from favourably oriented twin-boundaries with {1 1 1} slip systems
activated parallel with the twin boundary. The origin of this phenomenon was argued to be due
to the elastic incompatibility stresses and the ability for dislocations to travel relatively long
distances along the twin boundary as opposed to neighbouring oblique grain boundaries. This
observation has also been recorded by Stinville et al. [85] and Miao et al. [139] who have
recorded twin boundary cracking in high-cycle fatigue. At lower stresses, it is therefore likely
that the nucleation location shifts from non-metallic inclusions — for which decohesion and
fracture are stress threshold dependent - to twin boundaries. A study is currently underway to
investigate the competition between such microstructural features and their dependence on

local hardening behaviour.
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3.6 Summary

A microstructurally explicit oxide agglomerate-matrix model incorporating cohesive zone
modelling of both particle/matrix interfacial decohesion and particle fracture has been
developed for load-controlled fatigue in order to investigate the micromechanical drivers for
crack nucleation observed in experiment on nickel alloy RR1000 containing oxide

agglomerates.

High stresses normal to particle boundaries were found to be coincident with observed sites of
oxide/metal decohesion reinforcing that interfacial normal stress is the controlling factor in
decohesion. Analysis of stresses at peak loading conditions also revealed that particles
observed to fracture in experiment are subject to the highest maximum principal stresses
normal to the observed fracture planes. Both particle decohesion and fracture, modelled using
cohesive zone formulations, were found to lead to the redistribution of stress within the
microstructure, strongly influencing the stress states local to other oxide particles, in turn
influencing the subsequent decohesion and fracture events. Explicit representation of the stress
redistribution was found to be essential in order to capture the experimental observations. The
oxide/metal interfacial strength and the oxide particle fracture strength were respectively found
to be 2050 MPa and 2300 MPa. An upper bound applied stress therefore exists below which

neither particle decohesion nor fracture occur.

Slip-driven fatigue crack nucleation was investigated using stored energy density. The latter
was found to be influenced locally by particle/matrix decohesion and particle fracture which
caused higher rates of stored energy accumulation and hence shorter fatigue life. Modelling
studies showed that inhibiting particle/matrix decohesion and particle fracture increased fatigue

life modestly. The critical energy density 404 Jm~2 determined in [45] was found to give
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predicted fatigue life times close to the present experimental observations, and to capture

correctly the observed site of microcrack nucleation and growth.
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4 Microstructural feature sensitivity in fatigue crack
nucleation in a polycrystalline Nickel superalloy

4.1 Introduction

Disc alloys are comprised of several microstructural features which promote strain localisation
and fatigue crack nucleation. Due to the lengthscale of the problem, fatigue crack nucleation
predictions from intrinsic (crystallographic) and extrinsic (inclusions) are statistical in nature
and ignore the mechanistic drivers present. Investigating the interactions between
microstructure and mechanisms bridge the way to better predictive models and thus may

increase component lifetime.

Fatigue crack nucleation within polycrystalline Ni-base superalloys has been observed to occur
at twin boundaries [90,140,141] and non-metallic inclusions [86—88]. A study by Miao et
al.[139] found that nucleation occurs parallel to twin boundaries at a site close to, but not on
the boundary. Recent studies by Stinville et al.[141] have investigated nucleation sites next to
twin boundaries and assessed the competition between resolved shear stress, elastic anisotropy,
and twin boundary length. Heinz and Neumann [138] are often credited for suggesting the
elastic anisotropy and the plasticity adjacent to the twin boundary are vital in the twin
nucleation phenomena. In terms of twin morphology, several papers have indicated that the
length of the twin boundary is another key factor in nucleation [142] where a twin boundary
(TB) with length larger than average grain diameter typically presents a larger risk. Gustafson
et al.identified high intragranular misorientation as another driver for fatigue crack nucleation
[143]. Non-metallic inclusions are often a hotspot for fatigue crack nucleation owing to their
mismatching mechanical properties with the metallic matrix [38]. Inclusion size [106],

properties [42], local grain orientation [88], and morphology [72] all play a role in nucleation.
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Drivers for nucleation at these microstructural features have been identified but there remains
a poor understanding of the competition of fatigue crack nucleation between the features.
Texier et al.[90] investigated the crack nucleation sensitivity at twin boundaries and non-
metallic inclusions and found that the transition between the two features depended on the
density of twins in their microstructure. A higher density of twins shifted nucleation sites from
inclusions to twin boundaries. This suggests that there is inherent competition between the
microstructural features but the degree of competition remains elusive. Stinville et al. [85]
found that, at lower stresses, crystallographic facets (twin boundaries) dominated over

inclusion fatigue crack nucleation.

Inclusion decohesion may be a precursor to fatigue crack nucleation. Decohesion typically
presents itself in early cycles of fatigue loading and introduces voids in the material which acts
as a stress concentrators, eventually leading to microstructural fatigue crack nucleation.
Bergsmo et al.[144] found that early cycle particle fracture and decohesion is a monotonic
(rather than a cyclic) phenomenon. A mean stress relaxation was observed on the normal
metal/oxide boundary where decohesion is expected to occur suggesting that decohesion occurs
early in the cyclic regime. This may also mean that cyclic decohesion is strain-hardening
dependent; a high strain hardening material may induce cyclic ratchetting creating a situation
where cyclic decohesion is possible (given that first cycle stresses are lower than the

decohesion threshold).

This behaviour may also be dependent on the material hardening behaviour. Kinematic-
isotropic hardening models have been incorporated in several crystal plasticity models.
Hennessey et al.[145] used a phenomenological kinematic-hardening rule to evaluate local
ratchetting and mean stress relaxation responses with back-stresses acting on individual slip
systems. Bayley et al.[146] investigated the feasibility of a dislocation induced back stress
formulation.
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Using energy-based criteria for fatigue crack nucleation has proven to be a popular approach
to predict fatigue crack nucleation. Yeratapally et al.[147] approximated the critical energy of
a persistent slip band to nucleate a crack in the presence of a twin boundary. Energies of slip
bands were obtained from atomistic (y’ shearing and extrusion formation at GBs) and
continuum scale (hardening, pile-up, and applied work) contributions. Chen et al.[49] used a
stored energy criterion to predict the location of slip-driven initiation on the perimeter of an
experimental non-metallic inclusion. The study showed a strong, unambiguous correlation

between sites of peak stored energy and sites of fatigue crack initiation.

In this study, a representative volume element microstructure was constructed with key
microstructural features incorporated. Here, microstructural designs and rigorous parametric
studies aimed at investigating the competing nature of fatigue crack nucleation near twin
boundaries and non-metallic inclusions is studied. The key scientific questions investigated are
the suitability of the stored energy criterion in determining nucleation near twin boundaries and
the degree of severity each microstructural feature imposes on fatigue life. In addition,
competition between monotonic decohesion and cyclic decohesion for isotropic and combined

isotropic-kinematic hardening models is investigated.

4.2 Methods

4.2.1 Crystal plasticity formulation

The crystal plasticity finite element formulation used in the chapter is described in detail within

3.2.1.

4.2.2 Fatigue crack nucleation criterion
To predict fatigue crack nucleation, a stored energy criterion is employed. This criterion has

been successfully used to predict fatigue crack nucleation in a ferritic alloy [31]. A fatigue

crack is said to nucleate if the energy exceeds a critical material-dependent value. For RR1000,
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this value has been determined to be 404 Jm™2 in a study by Chen et al.[148]. Stored (elastic)
energy, is determined non-locally by computing the mean integration point value in elements.
It is expressed in terms of stress @, plastic strain deP and density of dislocations (both SSD and
GND) peoe:
¢o:deP
G = f ———— 4.1
\/ Ptot

Cyclic accumulation of stored energy may be extrapolated to approximate crack nucleation

given that cyclic rate of increase AG often becomes steady-state.

4.2.3 Microstructural representative volume element

A synthetic representative microstructure was generated using the Voronoi-tessellation
software Neper [149] and in-house editing scripts. The morphology, shown in Figure 4-1,
consists of an extruded planar microstructure utilising pseudo three-dimensional geometry. The
pseudo three-dimensional microstructure has been shown to approximate real microstructures
with good agreement in separate crystal plasticity studies [49,75]. Three repeating grain
structures are placed in parallel with the loading direction. These internal structures are periodic
along the planar axes and are built in order to allow similar local stresses to be applied on three
microstructural features: 1) a triple-junction, ii) an annealing twin, and iii) a non-metallic
inclusion. The triple-junction is used as a control feature to allow comparison between an

idealised microstructure.
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Figure 4-1 - the morphology of the representative microstructure with i) a triple junction, ii) a twin lamella and
iii) a non-metallic inclusion

The overall texture and local crystallographies chosen are modelled on a polycrystalline Ni-
base superalloy, RR1000. The preferred route of processing for this alloy is via powder
metallurgy which provides a random texture. The latter is obtained by assigning random Euler
angles in a ZXZ order with Gaussian and uniform distributions such that the sampling space
does not cluster orientations at the poles. Each Euler angle is independent and the angle

distributions were obtained as follows:

¢ =ue€02n], 6 = m — arccos(v € [—-1,1]), Y =w € [0,2m]. 4.2
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Using these angles, a rotation matrix is constructed representing the crystallographic
orientation by the rotation from a reference state. This process is described in detail in [150].
Grain size distributions are generated using log-normal distributions obtained from EBSD
characterisation of RR1000 sample surfaces. EBSD was performed on a finely grinded and
polished RR1000 specimen within a Zeiss Sigma SEM. Electron backscatter patterns were
collected using an Oxford Instruments nanodetector. The EBSD step size was 0.4 um over a
region of 500 pm x 300 pm. The grain morphology was reconstructed using an open-source
processing software, MTEX [151], within Matlab. The grain size distributions are shown in
Figure 4-2 (a). To demonstrate the uniform texture and remove data bias, a thousand random
orientations are plotted on a texture map in Figure 4-2 (b). The general representative volume

element (RVE) design process is given in Figure 4-2 (c).
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Figure 4-2 - (a) Grain size and sphericity distributions of the synthetic microstructure, (b) typical texture
mapping expanded to comprise 1000 grains and (c) the design process for the RVE construction
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The RVE is subjected to cyclic load-controlled uniaxial loading with an R-ratio of R = —0.9
for 10 cycles. The a range of peak loads are applied from 1500 MPa (equivalent to 150% yield
stress in RR1000) to 600 MPa (equivalent to 63% yield stress in RR1000). At the 10" cycle,
the cyclic plasticity has reached steady-state with steady evolution of stored energy density

evolution such that approximation of lifing is possible by extrapolation of the cyclic rate.

4.2.4 Modelling non-metallic inclusions

A singular circular inclusion was inserted at a grain boundary intersection. Figure 4-3 (a) shows
a typical agglomerated non-metallic inclusion in RR1000. The shape and size of the particle
was chosen to approximate that of real inclusions in fine grained RR1000 [42] where near
spherical morphologies are not uncommon. Distributions of inclusion area and sphericity are
given in Figure 4-3 (b) and (c). These were obtained from analysis of backscatter micrographs
of inclusion agglomerates within RR1000. The mechanical properties of the inclusion are
chosen in line with its chemistry, HfO2 [76]. The inclusions are assumed to be elastically
isotropic. While the oxide material is anisotropic [76], a first-order approximation is

appropriate to model the stresses around inclusions and has been shown to fit well [144].
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Figure 4-3 — (a) typical inclusion agglomerate morphology (b) inclusion area distribution (c) inclusion
sphericity distribution

A cohesive zone model was employed to simulate the phenomena of particle fracture and
decohesion which have been reported to occur in real microstructures [51,144]. The traction-
separation relation is stress-threshold based where the opening of the cohesive-zone begins
once a maximum stress has been exceeded. This method is discussed in detail in an earlier
study [144]. Figure 4-4 (a) and (b) shows the cohesive zone locations and the traction separation
curve, respectively. The properties of the traction-separation curve were obtained from a study
considering observations of experimental particle fracture and decohesion [144], and are given
in Table 4-1. After particle fracture or decohesion has occurred, stresses redistribute to form
highly localised areas often above or below the void introduced by the fracture or decohesion
event. This high stress drives plasticity and thus stored energy increases accordingly promoting
fatigue crack nucleation. As inclusion fracture and decohesion are stress-threshold based,
fatigue crack nucleation from voids become more significant at higher stress levels. However,
if no decohesion and fracture occurs, slip-driven fatigue crack nucleation may still occur due

to persistent slip banding in the metal matrix near inclusions (e.g. [49]).
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Figure 4-4 — (a) Cohesive zone geometry around inclusion, (b) bilinear traction-separation curve

Table 4-1 - The properties of the traction separation curve

Omax (MPa)  k, (MNm™) &/ (um)
Fracture 2050 230 000 1
Decohesion 2300 210 000 1

4.2.5 Generation of a crack-inducing twin

Several recent studies have provided detailed insight to properties of “worst-case” annealing
twins [30,141]. The important qualities of a crack-inducing twin are: (i) A parallel slip system
with high resolved shear stress, (ii) a large elastic-anisotropy mismatch between twin and
parent, (iii) twin length larger than average grain diameter. As (i) and (ii) are controlled by the
crystallographic orientation and the parent-twin relationship inherits a constrained
crystallographic relationship they can be manipulated solely by the twin morphology.
Therefore, the objective of this morphology is to maximise the plasticity induced by
deformation. A twin morphology is therefore chosen so that a [1 1 1] plane parallel to the twin
boundary has the maximum resolved shear stress. The twin is inserted into a large grain to

simulate the size effect of iii).
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To predict cracking at annealing twin grains, the stored energy density accumulation at the
continuum scale is assessed. The location of maximum value stored energy density lying on

the twin boundary is considered to be the site of future fatigue crack nucleation.

4.2.6 Creating comparative features

The microstructural features generated for the model are designed to be comparative in the
sense that they exist on the same length scale. In conventional samples of RR1000 — inclusions
do not necessarily agglomerate (see Figure 4-3) and may exist in isolation, yet fatigue
experiments show that fatigue crack nucleation typically occurs preferentially near these
inclusions as opposed to crystallographic features such as twin boundaries. While
agglomeration and clustering of inclusions is likely to increase the local accumulation of stored
energy density, the relative size of the agglomerate compared with the conventional twin
boundary is large and does not create a framework for comparing the fatigue performances.

Results and discussion of comparative performance are given in Section 4.3.

4.3 Competing microstructural features in crack nucleation

The accumulation of effective plastic strain in the microstructure after 10 cycles of loading
with opeqx = 1400 MPa is shown in Figure 4-5 (a). Strong localisation of plasticity occurs
near the non-metallic inclusion and the twin boundary. Selected grains near the triple-junction
also display elevated plasticity after loading. The stored energy is displayed in Figure 4-5 (b)
and shows elevated storage near the twin boundary and inclusion but high storage is also
displayed near the triple junction. High levels of stored energy density are also present in grains

separated from the microstructural features of interest.
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Figure 4-5 - (a) the effective plastic strain distribution of the microstructure after the 10" cycle of loading for a
given peak load of 1400 MPa and (b) the stored energy of the respective microstructure after the 10” cycle.
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Figure 4-6 - Field plots for stored energy density at each respective microstructural feature. The white arrows
indicate locations with peak accumulated stored energy density after 10 cycles of loading for a peak load of
1400 MPa

The stored energy density accumulation at each microstructural feature is shown in Figure 4-6.

While the twin and inclusion regions record peak values of stored energy density at their
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respective features, the triple junction records peak values at the grain boundary of a grain

which experiences high stored energy density.
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Figure 4-7 - The life prediction of non-metallic inclusion, annealing twin, triple-junction with appropriate
trendlines for inclusion (blue) and intrinsic crystallographic feature (red).

At each microstructural feature, the peak site of accumulated stored energy was extracted to
create an S-N curve, shown in Figure 4-7, of life predictions for fatigue crack nucleation made
on the basis of achieving the critical stored energy density defined above. With the given size
and material properties, the non-metallic inclusion unambiguously dominates the accumulation
of stored energy. A discontinuity presents itself in the S-N curve for the inclusion where, above
a particular stress level (1400 MPa), decohesion has occurred. The loss of cohesion between
the particle and matrix increases the cyclic accumulation of stored energy consistent with
findings in [144]. Decohesion occurs between macroscopic tensile stresses of 1400-1500 MPa.
Stored energy densities at the twin boundary and the triple-junction appear to be very similar
with little distinction between the two however the twin appears to exhibit a marginally worse
fatigue life. An exponential equation (y = a exp(—bx) + ¢) was fit to the data points using

least-square regression. Two trendlines were fit. Due to the similarity in data between the
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crystallographic features (twin and triple-junction), a single trendline is plotted in Figure 4-7
to model their behaviour. A fatigue limit presents itself in the crystallographic features at 1000
MPa. Below 1000 MPa, no plasticity and hence no stored energy accumulation could be
predicted on the crystallographic features. The trendline fitted to the inclusion data treated the
point of decohesion as an outlier. The inclusion trendline, in contrast to the crystallographic
features, predicts a lower fatigue limit at 600 MPa. Below 600 MPa, no plasticity was predicted

in proximity of the inclusion and therefore no fatigue crack nucleation could be predicted.

For inclusions, the development of stored energy density is heightened which drives earlier
fatigue crack nucleation and due to the mismatching elastic constants of inclusion and matrix
the plasticity is significant even in lower applied remote stresses. The stiff elastic inclusion
(relative to matrix) is expected to cause higher stresses in the adjacent vicinity. The high
stresses drive plasticity and local dislocation accumulation thus creating a high stored energy.
Caton et al.[43] showed that, when present in sufficient size, inclusions can dominate fatigue

crack nucleation in a Ni-base superalloy. Similar findings are present in several studies [19,90].

The fatigue limits of the inclusion and crystallographic features suggest that while the fatigue
life of twin and triple junction is improved, they require an elevated stress level to activate slip.
Experimental studies have suggested that twin driven crack nucleation may be directly
competing with inclusion driven crack nucleation [90]. Stinville et al.[83] show that there exists
a transition between nucleation from internal microstructural features and non-metallic
inclusions dependent on the applied stresses. For lower stresses, they observe nucleation from
crystallographic facets and at elevated stresses, nucleation occurs at inclusions. This behaviour
is attributed to damage accumulation (particle fracture and decohesion) within the early cycles.
In the current model, fracture and decohesion occur at a threshold stress. However, below the
threshold stress the inclusion region still accumulates higher stored energy than the intrinsic
microstructural features indicating that, given enough cycles, the (intact) inclusion will still
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generate a crystallographic fatigue crack earlier than the twin and triple-junction. This fatigue
crack will not emanate from a decohesion void or particle fracture but from a persistent slip
band originating from the inclusion. Slip-driven fatigue cracks at inclusion boundaries have

been observed by Jiang et al.[51].

4.4 Slip and stored energy density at twin boundary

In this section, an investigation of the accumulation of stored energy at the twin boundary in
the model (see Figure 4-1) is investigated. The crystallography of the twin region was chosen
such that slip systems parallel to the twin boundary accumulate high levels of slip. Figure 4-8
shows the grain-averaged slip on various slip systems following the notation given in Table
4-2. Parallel slip systems (S1 and S2) are seen to contain the highest mean slip magnitudes, but
incident slip systems (S4 and S8) also experienced slip activation, but at smaller magnitude,

but demonstrating multiple slip. Non-zero slip is only observed in these slip systems.
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Figure 4-8 — (a) mean slip histogram comparison between parent and twin grains, (b) schematic of grain
showing slip directions (s4 and s8 point diagonally out of plane), (c) Slip tetrahedron in the reference
configuration, and (d) the unpacked slip tetrahedron showing the slip directions and the corresponding slip
plane normal. Slip direction conventions are given in
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Table 4-2 - Slip system numbering convention

Slip system Slip plane normal Slip direction
1 (1,1,1) [1,1,0]
2 (1,1,1) [0,1,1]
3 (1,1,1) [1,0,1]
4 (1,1,1) [1,1,0]
5 (1,1, [0,1,1]
6 (1,1,1) [1,0,1]
7 (1,1,1) [1,1,0]
8 (1,1,1) [0,1,1]
9 (1,1,1) [1,0,1]

10 (1,1, [1,1,0]
11 (1,1,1) [0,1,1]
12 (1,1,1) [1,0,1]

Stinville et al.[ 140] have recently emphasised the importance of slip band intensity parallel to
the twin boundary for fatigue crack nucleation. The crystal plasticity finite element analysis
does not explicitly capture highly localised (e.g. a single trace of) slip as this is a phenomenon
taking place at a length scale finer than that of the element size (in this case = 0.4 pm). Instead,
CPFE considers the homogenised crystal plastic behaviour within an element — which can
indicate which slip systems are active and the slip magnitudes developed. Figure 4-9 shows
field plots of slip magnitude for the slip systems outlined in Figure 4-8 c-d. Of particular
importance is the localisation of parent grain parallel slip (S1) near the twin boundary (Figure
4-9 a-b). This exhibits high magnitudes on the top (left) boundary. This behaviour results from
the elastic anisotropy and constraint effect provided by the dissimilar crystal orientation of
parent and twin lamina. The level of elastic anisotropy in this case can be quantified by the
difference in elastic modulus between the parent and twin grains with respect to the loading
direction. The elastic modulus difference is 30 GPa with the twin being the stiffer grain. It is

recognised that the complex stress state that arises within a grain (even during uniaxial loading)
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is not limited to a single (uniaxial) stress component. However, the component in the loading
direction is typically the largest here, and the elastic constant in this direction is therefore a

first-order approximation of the respective elastic stress state.

In addition to parallel slip, the twin and parent grains also non-zero slip activation on incident
slip systems S4 and S8 (Figure 4-9 c-d) albeit at lower levels than parallel slip (see Figure 4-8
a). Incident slip is oblique to the twin boundary and, depending on the morphology of twin
with respect to the loading direction, may drive slip transmission across the twin boundary.
Twin boundaries that experience slip transmission have been reported to have lower strain
concentration at the twin boundary [140]. In the current crystal plasticity framework, slip
transmission is not explicitly modelled yet the lower levels of slip incident activation indicate
that parallel slip band formation may take precedence over slip transmission. Furthermore, the
importance of incident slip in fatigue crack nucleation parallel to the twin boundary has been
diminished in recent years due to the observation that fatigue cracks nucleate parallel to twin

boundaries [139].
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Figure 4-9 — (a)-(d) Field plots of slip distributions corresponding to the slip indices given in Table 4-2. The top
row (a), (b) shows slip systems parallel to the twin boundary and the bottom row (c), (d) slip systems incident to
the twin boundary

The stored energy density given in Figure 4-10 shows corresponding localisation on the upper
twin boundary. Localisation on the twin boundary indicates that crystallographic fatigue crack
nucleation preferentially occurs at this location given sufficient cycles to achieve the critical
stored energy density of 404 Jm~2. While the localisation on the twin boundary is correctly
captured by the model, the magnitude of stored energy calculated is comparable to those at
several grain boundaries within the polycrystal model. This suggests that despite selecting
idealised morphologies and crystallographic orientations anticipated to give high stored
energies, the crystal plasticity model does not necessarily demarcate a preference for early or
first fatigue crack nucleation at the twin boundary compared with other regular features of the
microstructure. The inability to differentiate between a regular grain boundary and twin
boundary in terms of stored energy density may rely on several factors. For one, the role of

discrete slip banding adjacent and parallel to the twin boundary may form an important
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localised feature from which a fatigue crack may nucleate, which may not be captured by the
crystal plasticity approach; as mentioned above, highly localised slip events below the element
size (0.4 um) are neglected. Twin boundary crack nucleation may crucially depend on these
small length scale phenomena. A transition mode scanning electron microscopy study by
Stinville et al.[152] found precipitate shearing, dislocation decorrelation and antiphase
boundary-couple shearing to occur near the twin boundary. Secondly, a larger parent grain size
may be required to produce the required stored energy magnitudes. Several researchers note
that twin boundary fatigue cracks nucleate in grains which are 2-3 times the average grain size
[139,142]. Clayton et al.[153] found that while a high resolved shear stress is associated with
crack nucleation, the length of the adjacent slip band is a stronger indicator of cracking. A
follow-up study is underway exploring the effects of twin-boundary length and slip banding

adjacent to the twin boundary on stored energy magnitude.

Stored energy
density (Jm~2)
2.535

Figure 4-10 - Field plot of stored energy distribution in parent-twin grains
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This concludes the assessment of the comparative fatigue performance of the microstructural

features and the stored energy accumulation on the twin boundary. The following section

concerns the investigation into cyclic inclusion decohesion.

4.5 Cyclic effects on inclusion decohesion

To investigate the effects of cyclic hardening on inclusion decohesion, the model outlined
above was run (see Figure 4-1) under stress-controlled loading for three material models: (i) a
low isotropic strain hardening material, (ii) a high isotropic strain hardening material, and (iii)
a purely kinematic hardening material. While the model inclusion has the ability to fracture,

this investigation primarily concerns the decohesion phenomenon and discusses the incidence

of fracture in detail later.
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Figure 4-11 — Monotonic hardening curves showing the difference in behaviour of a low (A = 150 um™2) and a
high (A = 2000 um™2) strain hardening level

For assessing the effect of strain hardening level, two different materials were modelled, a low

strain hardening material (A = 150 um~2) and a high strain hardening material (1 =
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2000 pm™~2). The low strain hardening material follows the model calibration to RR1000 while
the high strain hardening is given a higher strain hardening behaviour. The two materials were
subject to a uniaxial stress-controlled loading of 10 cycles with a peak load of 1200 MPa. At
this applied stress, decohesion does not occur within the first cycle of loading, instead, cyclic
decohesion might be anticipated. The applied loading had a fatigue ratio of R = —0.95. The
monotonic hardening curves for both hardening materials are shown in Figure 4-11. The strain

2 may be considered as low and 2000 um™2 as high due to their

hardening level of 150 um™
respective response on the strain hardening behaviour. A low strain hardening material can

expect a hardening curve closer to perfect plasticity and a high strain hardening material sees

a larger increase in stress for an increment in plasticity.

4.5.1 Effect of strain hardening level on inclusion decohesion

To investigate the effect of strain hardening level on the inclusion, the model described above
was run under a peak applied stress of 1200 MPa. The normal stress a,, acting on the inclusion-
matrix interface has been shown to be the main determinator of decohesion both above in the
previous chapter and in work by Zhang et al.[51]. The peak normal stress on the interface is
shown for both high and low hardening scenarios in Figure 4-12. The peak is taken at an
integration point experiencing the maximum normal stress and is assessed at mid-cycle where
the applied remote stress is maximised. The low strain hardening material experiences the
lowest peak o, within the first few cycles after which it increases until it reaches an asymptote
and does not progressively increase in value. The high strain hardening material experiences
peak stresses within the first cycle after which it declines until it similarly reaches an asymptote.
The key difference between the two material models is the difference in stress magnitude. As
the model is subject to stress-controlled loading, the low strain hardening material is able to

experience a higher degree of plastic deformation compared with that of the high strain
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hardening and as a result the stresses increase. This is effect is compounded in the vicinity of

the inclusion, which further increases the stress in the matrix close to the particle.

Peak o, (MPa)
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Figure 4-12 - The variation of peak normal stress on the inclusion interface as a function of cycles for a low and
high strain hardening material. Red horizontal lines indicate the peak stress achieved after 10 cycles of cyclic

loading.
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Low hardening 1 = 150 pm™2  High hardening 1 = 2000 pm™2

Figure 4-13 — Field plots of (a) 0y, (b) 0y, and (c) oy, for a low and high strain hardening material. The
stress components are obtained at the peak load of the 10" cycle. The inclusion lies in the centre with grain
boundaries overlaid.

Interestingly, the high strain hardening material records a lower interfacial stress compared
with the low strain hardening material. This non-intuitive behaviour is expanded upon in Figure
4-13 in which field plots of oy, 0, and gy, are shown for the peak of the 10% cycle. The oy,
(a) component shows a difference in behaviour between the low and high strain hardening
materials where the low strain hardening material exhibits high stresses on the interface normal
to the direction of loading (x), conversely, the high hardening material exhibits low stresses in
this normal interfacial area but comparatively higher stresses in the pole regions of the particle
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aligned in the y-direction. This suggests that inclusion decohesion is more likely in a low strain
hardening material. The other components o,,,, and oy, show similar behaviours between the
two material configurations however the low hardening material shows a higher degree of
polarisation. These two components are of course non-primary and exhibit lower magnitudes

than the loading direction stress o.,.

The peak g, in either material model fails to reach the decohesion criterion (S, = 2050 MPa)
within 10 cycles. In addition, the cyclic change, da,/dN, appears to approach zero with
continued cycling. Cyclic decohesion may present itself at later cycles if the normal stress is
allowed to rise to the decohesion threshold. To assess cyclic decohesion within the limit of 10
cycles, the values of positive do,, /dN are extrapolated assuming that they have reached a stable
value after 10 cycles. Therefore, spatial distributions of do,,/dN and cyclic evolution of

do,/dN at the selected points are shown in Figure 4-14.
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(@) 010aqa = 1200 MPa, 2 = 150 um~2 (b) 0y9qq = 1200 MPa, A = 2000 um™—2
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Figure 4-14 — Field plots of do,,/dN after the tenth cycle of loading for a (a) low strain hardening case and a
(b) high strain hardening case with (c, d) pick-outs of do,/dN for probe locations indicated in (a) and (b)
respectively

The probe assessments (at 1 and 2) in Figure 4-14 (c) and (d) are chosen from interface
integration points and are close to locations of peak o;, on either side of the inclusion. The trend
shows that for a high hardening material the cyclic change in peak normal stress either
decreases after 10 cycles or tends towards zero. In a low hardening material, there exists a
slight positive indication of cyclic stress increase, but the trend shows an approach towards
zero. If this trend decreases to zero, then the stresses on the interface will not reach the threshold
stress required for decohesion after continued cycles. For other locations around the inclusion,
lower o,, values are recorded and their respective da,,/dN values showed similar results to the
pick-outs in (c) and (d). This suggests that decohesion is unlikely to develop even when
considering for a stable do, /dN over many subsequent extrapolated cycles. It is noted that
under a strain-controlled loading regime, the cyclic hardening induced would introduce an

entirely different effect than that shown above. However, as turbine discs are subject to stress-
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controlled loading the investigation is confined to stress-controlled scenarios. Additional
forging steps introduced after HIPing of PM components may indeed act to decohere non-
metallic inclusions given enough deformation which may affect future fatigue life

performance, but this requires separate investigation.

The assessment of strain hardening level on cyclic decohesion is concluded here and a more
detailed discussion is provided later. In the next section, implementation of a kinematic

hardening model and its effect on the phenomenon of cyclic decohesion are presented.

4.5.2 Kinematic hardening implementation

In addition to high and low (isotropic) strain hardening materials, a phenomenological
kinematic hardening law based on Armstrong-Frederick [154] evolution was adopted within
the existing CPFE framework. Kinematic hardening was used within the same polycrystal
model (see Figure 4-1) under 10 cycles of stress-controlled loading at a peak load of 1200 MPa.
The isotropic hardening was assumed to be zero, which was imposed by prescribing a zero
Taylor hardening coefficient (see equation 3.7 in the previous chapter). Kinematic hardening

is incorporated via a back-stress term T}, which is subtracted from the resolved shear stress:

AF b—1h) -
Y = pmb?vexp (— ﬁ) sinh <% AV) : 4.3

The direct and dynamic hardening terms (hg;- and hg,,, respectively) are material constants

used to control the back-stress evolution. They are written such that:
dtj = hgir dy' — haynth|dy® |- 4.4

In this formulation, the back-stress 7} is considered on the i*" slip system and thus considers
kinematic hardening over all available slip systems individually rather than across the stress

tensor directly [145]. To obtain values for hg;,- and hgyy careful parametric studies were
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performed on a representative volume element comprising 130 grains. The synthetic
microstructure is generated in Dream3D using mean and standard deviations of grain size and
sphericity obtained from EBSD measurements of a typical fine grained RR1000 sample. A
uniaxial displacement boundary condition was used to represent a cyclic strain-controlled
uniaxial experiment. The experiment shows both isotropic and kinematic hardening effects
albeit the isotropic hardening is minimal. The RVE geometry and calibrated response after 10
cycles of cyclic loading is shown in Figure 4-15. The parameters for the back-stress evolution

are given in Table 4-3.
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Figure 4-15 — (a) An RVE comprised of 130 grains representing conventional fine grained RR1000 and (b) the
experimental and modelling response of RR1000 in strain-controlled fatigue loading after 10 cycles of loading.

Table 4-3 — Properties for back-stress evolution

hdir hdyn

3 x 10* MPa 4.5 x 102 MPa
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A comparison of mean cyclic strain accumulation over the entire model region (see Figure 4-1)
is given in Figure 4-16 for all the material models described above under uniaxial stress-

controlled loading at a peak load of 1200 MPa.

3.0

—— Kinematic hardening
2.5 4 4 - Low strain hardening
=+ High strain hardening

Exx (%)

Figure 4-16 — The model mean strain for the various kinematic, low strain hardening and high strain hardening
material models under stress-controlled loading with a peak load of 1200 MPa for 10 cycles

4.5.3 Effect of kinematic hardening on inclusion decohesion

In the same manner of the assessment of the effect of strain hardening level in 4.5.1, the trend
of peak a,, is shown for the inclusion under a kinematic hardening model in Figure 4-17. The
peak a,, is obtained from an integration point experiencing the highest normal stress at the peak
of the cycle. The model is also subject to a peak stress of 1200 MPa. The a,, appears to approach
a final value of 1441 MPa as indicated by the red dashed line. The magnitude of stress is higher

compared with that of either isotropic strain hardening model shown before (see Figure 4-12).
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Figure 4-17 - The variation of peak normal stress on the inclusion interface as a function of cycles for a
kinematic material. the red horizontal line indicates the peak stress achieved after 10 cycles of cyclic loading.
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O10aa = 2000 MPa, hg;, = 3.0 x 10* MPa, hgy,, = 4.5 x 102

(a) doy,/dN
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Figure 4-18 — (a) Field plots of doy,/dN with the pick-outs of da /dN (b) with location indicated in (a)

The field plot of do,,/dN after 10 cycles, along with the cyclic evolution of do, /dN at
locations 1 and 2 are shown in Figure 4-18. As before, the cyclic evolutions of do,,/dN are
obtained from locations experiencing high o, and other locations around the particle show
similar trends of do,,/dN as shown in (b). The trend shows in general that while high initial
increases in stress on the interface can be expected (see Figure 4-18), the cyclic change in stress
quickly approaches zero or lower. The model therefore does not predict cyclic decohesion on

the basis of extrapolation of do,, /dN.
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Recent investigations by Bandyopadhyay et al.[155] and Kapoor et al.[156] have suggested
that kinematic hardening models based on GND development are able to capture cyclic
plasticity effects better than the conventional Armstrong-Frederik [154] hardening model.
Ultimately, a physically based hardening model which incorporates the development of
dislocation densities into the back-stress will be able to capture a better representation of the
cyclic plasticity and therefore stress levels near the inclusion agglomerate. This requires further

separate research.

Ni-based superalloy discs in operation are subjected to stress-controlled fatigue loading. It is
therefore important to understand the stress-controlled behaviour as opposed to the strain-
controlled behaviour. In the high- and low- isotropic strain hardening models and the kinematic
hardening model, the peak normal stress acting on the inclusion interface approaches a stable
value and does not increase. The normal stress acting on the inclusion interface has been shown
to relate unambiguously to decohesion by Zhang et al.[51] and decohesion was found to be
stress-threshold based by Bergsmo et al.[144]. If the normal stresses acting on the inclusion
boundary do not increase over continued stress-controlled loading, then decohesion is unlikely
to occur. Inclusion decohesion may only be relevant if the first cycle stresses exceed the
decohesion stress threshold. Furthermore, if applied stresses are low enough to prevent
decohesion, this may mean an improvement in fatigue crack nucleation life. Experimental
studies similarly show inclusion decohesion occurs within the first few cycles of loading [94].
In the context of a turbine disc, it is important to consider the effect of temperature which may
serve to degrade the interfacial strength thus presenting a scenario in decohesion is also a
function of temperature. Cavities have been reported at non-metallic inclusions at high
temperature in other alloy systems [157]. Further research is required to understand this effect

in RR1000.
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Inclusion fracture is also exhibited in experimental studies of inclusions of RR1000 [87]. In
the modelling framework described in this chapter, the inclusion has the ability to decohere as
well as fracture, however, in the model used, decohesion is observed exclusively. In the current
alloy system, inclusion fracture may be a function of the agglomeration. Inclusions which are
stiffer than the matrix may form a local particulate strengthening morphology which restricts
plastic motion in the metal matrix. Under this assumption, stresses within the particles will
climb and may exceed the critical maximum principal stress required for inclusion fracture
(found to be 2300 MPa in this case [144]). Solitary inclusions are therefore unlikely to exhibit
fracture and instead decohere assuming that the strength of decohesion lies at 2050 MPa.
Ultimately, the competition between decohesion and fracture relies on the physical strength of

the inclusion in terms of decohesion and fracture.

Cyclic decohesion is not predicted to occur by the CPFE model under stress controlled cyclic
loading for any hardening case. The stiff inclusion promotes elevated stresses in neighbouring
metallic matrix, but the cyclic behaviour of this stress stabilises quickly (within 10 cycles) in
the sense that do,/dN approaches zero or goes negative. In the absence of inclusion
decohesion and fracture, slip-driven fatigue crack nucleation may occur (e.g. [49]). Slip-driven
fatigue cracks rely on development of persistent slip banding impinging upon the inclusion.
Over cyclic loading, the stored energy reaches a critical threshold after which a fatigue crack
may nucleate [49]. However, experimental studies have failed to produce slip-driven fatigue
cracks near agglomerate fields in RR1000 in the low cycle fatigue regime. Fatigue experiments

at lower applied stresses are required to understand this behaviour conclusively.
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4.6 Summary

A rigorous study was performed studying the fatigue crack nucleation propensity in a
representative microstructure of RR1000 and the effect of strain hardening on inclusion

decohesion under stress-controlled fatigue. The conclusions can be summarised as follows:

1. Inclusion dominates stored energy accumulation and therefore poses as the worst-case
site for fatigue crack nucleation

2. Twin boundary observes localised stored energy density suggesting that in the locality
of Parent-Twin grain combination, a fatigue crack would nucleate on or adjacent to the
twin boundary.

3. The stored energy density accumulation on twin boundary compared with other grain
boundaries is negligible. In some cases, conventional grain boundaries accumulate
more stored energy than the twin boundary. The crystal plasticity method is not able to
capture the micromechanisms driving fatigue crack nucleation. It may be hypothesised
that this is due to the inability to predict discrete events such as slip banding. This
requires further research to understand.

4. Neither the level of isotropic strain-hardening or kinematic hardening affects the early
inclusion decohesion. Both high and low strain-hardening behaviours exhibited a stable
value of peak normal stresses after 10 cycles of cyclic loading which indicates that
under stress controlled loading with fixed peak stress, cyclic decohesion is not predicted

to occur as it is dependent on exceeding a stress threshold.
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5 Development of high temperature three-point bending
rig and discontinuity tolerant digital image correlation

5.1 Introduction

Non-metallic inclusions and their neighbourhoods exist at the micron-scale in RR1000 and
therefore require experimental methodologies which can capture the evolution of strain fields
at a relevant length scale. In addition, the turbine section of the gas turbine operates at elevated
temperature. The turbine disc experiences lower temperatures than the turbine blades yet still
significant enough to require the use of superalloys. In this chapter, an outline of the
development of experimental methodologies for capture of strain fields at high resolution and

application of temperature to a three-point bend experiment.

The three-point bend is a classical experiment which has recently been successfully used to
study small length scale problems such as fatigue crack nucleation [102], slip accumulation
[158], and fatigue crack growth [159,160]. The principal advantage of studying these small
length scale problems using three-point bending is a-priori knowledge of deformation
concentration. Given a stress concentrator such as a notch [159] or a non-metallic inclusion
[87] in the tensile fibre of the beam, it is with high probability that strain localisation occurs in
the region of interest. Jiang et al.[161] used three point bending to study strain localisation in
an advanced disc alloy. Zhang et al.[87], similarly, used the method to study fatigue crack
nucleation near inclusions in RR1000. While these experiments provide key local deformation
quantities, they are often performed at room temperature, which does not reflect the conditions

that Ni superalloys are routinely subject to in service.

To characterise the deformation on the surface of three point-bend experiments, DIC has
proven to become the prevailing method (e.g. [88,102,158,159]). The DIC method has been

assessed recently in several reviews [162,163]. Conventional DIC relies on pattern matching

124



methods such as image cross-correlation to obtain zeroth-order shape functions (i.e., rigid body
displacement terms u,v) [164]. Higher order shape functions are often employed to
characterise complex displacement behaviour but require optimisation on displacement
gradients [165]. Contemporary DIC techniques assume continuous displacement occurs on a
plane, however, in real deformation at the micron scale, phenomena such as cracking and slip
banding kinematically displace local speckle patterns such that displacement fields become
discontinuous. Recently, methods such as Heaviside digital image correlation (H-DIC) have
been used to quantify kinematic shifts in displacement fields [166]. H-DIC is an extension of
the classical DIC based on optimisation of the first order shape function where a subset is
partitioned to track multiple displacements [167]. Bourdin et al.[168] have used this method in
high-spatial resolution to quantify slip band magnitudes. Stinville et al.[169] used H-DIC to
track slip irreversibility in fatigue of a Ni-based superalloy specimen under fatigue loading and
have recently used the method to quantify dwell fatigue behaviours within Ti [170]. Hassan et
al.[171] have, in a similar fashion, incorporated subset splitting to determine strain fields with
discontinuities using subset splitting with a Burger’s vector parameter. Discontinuity tolerance

has also been incorporated into extended DIC using the finite element method [172].

In this chapter an outline and discussion is provided on the development of two methods for
experimentation on RR1000 samples with inclusions, namely three-point bending with an
integrated infrared (IR) heating system to allow for isothermal heating conditions and
discontinuity tolerant digital image correlation (H-DIC) which is used to quantify
discontinuous displacement events such as cracking, slip banding and decohesion. Validation
of the H-DIC technique is supplied after discussion of the methodology. The results of these
methods for an RR1000 sample with inclusions are shown and discussed in detail within the

following chapter.
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5.2 High temperature three-point bend apparatus

A three-point bend experiment applies bending motion to a beam specimen which can be used
to estimate flexural stiffness. In experiments which consider micromechanical deformation, the
bottom of the front free surface (shown in Figure 5-1 (a)), can be assumed to be in uniaxial
tension during peak load if the region height is small enough for shear strains to be negligible.
The experiments included within this thesis are focused on the bottom of the front free surface
to create uniaxial experimental conditions on a deliberately chosen region such that stress
features such as fatigue cracking can be created without a-priori knowledge of their location.
All three-point bending experiments were performed on a 10kN Shimadzu AGS-X [173]

tensile tester and the following modifications are all done on the Shimadzu frame.

The conventional three-point bend experiment is limited in its capacity to subject turbine-like
conditions to the material specimen. These conditions include high temperatures and
atmosphere. To replicate high temperature conditions, two infrared lamps were set up (shown
in Figure 5-1 (b)), providing a heat source to the specimen. While the temperature of turbine
components can reach in excess of 600 °C, the aim here is to conduct experiments at an
intermediate temperature of 300 °C and leave higher temperature experiments for the future
investigations. At 300 °C and higher, Ni-based superalloys experience a transition from
tetrahedral to cube slip which may show in experimental results [174]. This transition is
material-dependent and the experiment conducted at 300 °C is required to confirm the transition

temperature in RR1000.
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5.2.1 IR lamps

(a) (b)

Sample holder Stress roller

Heat Heat

Region of interest

IR Lamps

Figure 5-1 — (a) A schematic of testing specimen showing region of interest and boundary conditions, (b) The IR
lamps inserted to Shimadzu test frame

Two Research Inc. SpotIR 4150 lamps were added to the system (See Figure 5-1 (b)). The IR
lamps heat a Smm circular section (at the focal point) with high density heat provided by
infrared radiation. The lamps can provide a maximum heat flux of 1.7 * 10® W/m?. Cooling
of the lamp system is provided by a constant flow of air and is necessary to increase the lamp

lifetime due to the high temperature generated.

As the sample is small (< 12x3x3 mm), it requires only moderate heating to achieve high
temperatures rapidly and uniformly. Another advantage is the ability to prepare the beam for
SEM with minimal delay. By polishing a sample prior to an experiment, EBSD can be
performed on the sample post-mortem in “as is” condition, needing only an application of a
conductor such as silver paint to prevent charge build up on the surface. In specimens with
inclusion agglomerates, the inclusions and surrounding coarse grain region encompass a region

no wider than 100 pm and are therefore only 3% of the beam width.

Temperature control is provided by a Eurotherm 2416 [175] proportional integral derivative

(PID) controller which receives a thermocouple connection and outputs the relay logic for the
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infrared lamps. The output power of the infrared lamps is therefore controlled by the signal
output of the thermocouple. The control system is programmable and capable of isothermal
and cyclic thermal loading of the specimen. In the research of this thesis, the experiments are
limited to isothermal loading at 300°C. A thorough discussion of the development of the control

system is given in [176].

K-type thermocouples were spot welded to the surface of the samples. The main thermocouple
providing temperature readings to the control system is spot weld on the back of the beam
specimen, on the opposite side of the region of interest to prevent any interference with the
deformation response on observation surface. The thermocouple therefore provides the
temperature reading at the axial centre of the thermocouple beam. For temperature recording,

a TC-08 Pico data logger [177] was used.

An HI13 tool steel holder (Figure 5-2 (a)) was machined to contain the support rollers, with
heating and observation windows (Figure 5-2 (b)) to allow for thermocouple entry and in-situ
sample observation via an optical microscope. The holder contains tungsten carbide support

and alignment pins. The design of the holders was completed by Benjamin Poole [176].
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(a) (b)

Figure 5-2 — (a) The beam holder with tungsten carbide support and alignment pins, (b) the beam holder with
IR lamps mounted in a close configuration with annotations showing the observation window, IR window and
thermocouple inlet.

5.2.2 Verification of beam temperature

Experimental and modelling studies were performed to determine the accuracy of temperature
estimation near the centre of the beam specimens for fine grained RR1000. The uniformity of

temperature across the beam was also investigated to determine thermal gradients.

129



TEMP

. 0
(;‘*\\/9.37152 %) ';;iz
311 > S
SIS
2>

Vif 9%
AXX
220
2
0
000

W
N
\

\
\
\
\
X
y

lelbod ol

V7,457 15 57,157 15 5 17 57 5 57 5 175 1o

N
\
N
N
\
N
\
\
\
N
\
\
\

(777
775 4 A o A i i o o i 4

Gll L lLlodl

Figure 5-3 — The 3D FE model used to investigate thermal gradients across the beam. Half the beam is omitted
here.

A 3D FE model of the beam (shown in Figure 5-3) was created to estimate the thermal gradients
of the beam subject to constant heat flux of 5% total heat output of a heater on the free end
surfaces. The thermal material properties used were estimated based on common properties of
Nickel superalloys and are shown in Table 5-1. While the thermal properties are temperature
dependent, the maximum desired temperature is 300 °C which shows negligible changes over
the temperature range. It is assumed here that the beam is subject to an ambient environment
with convective heat transfer with a film coefficient between the sample and air of 30

W m~2K~1 [176].

Table 5-1 — thermal properties used for the FE model

Property Value Source
Density 82gm3 [4]
Specific heat 11 ] kg 1K1 [178]
Thermal conductivity 11 Wm™1K™?! [4]
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Figure 5-4 — (a) The temperature gradient across the half beam and (b) the evolution of temperature at edge
and centre integration points over 600 seconds.

The temperature gradient across the axial profile of the half beam is shown in Figure 5-4 (a).
The difference of temperature between edge and centre of the beam is 20 K showing a
temperature gradient of roughly 3 Kmm™1. However, closer to the centre, the gradient eases
showing a relatively flat section. This suggests a uniform gradient to exist near centre. The
temperature variation over time for the edge and centre are shown in Figure 5-4 (b). The curves
show minimal difference after continued time suggesting thermal gradients do not change with

time.

The above analysis neglects the role of rollers as heat sinks acting through heat conduction.
The support and stress rollers are in effect, heat sinks and must be dealt with in the experiment.
However, the support rollers are made of tungsten carbide, a poor conductor of heat. As a result,
all experiments conducted within this thesis are accompanied by a heat soak period of 10
minutes to allow surrounding experimental apparatus to approach the desired experimental
temperature. It is therefore important to bring the stress roller into contact with the beam prior
to heating. Heating then thermally expands the stress roller and requires adjustment of cross

head position to negate the increased load on the beam.
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Attempts were made at measuring the temperature gradients across the beam experimentally.
Figure 5-5 shows three thermocouples spot welded to an RR1000 beam specimen. Accurate
measurements of temperature gradients proved difficult to obtain due to the small size of the
beam specimen (12 x 3 x 3 mm). Each spot weld was made manually by a two-step process; a
thermo couple bead is made by spot welding, then, the thermocouple is spot welded to the
surface of the beam. To obtain a useful thermal gradient at least 3 thermocouples are desired
across the half-length of the beam to obtain a better curve. However, 3 thermocouples proved
to be too large on the beam specimen. K-type thermocouples typically have an error of 2 K
[177] but the accuracy is further dependent on the quality of the spot weld which is more
difficult to assure with a tight configuration of thermocouples. Furthermore, another error is
introduced through the control system of the lamps. The lamp output was controlled by phase-
angle control [179] which resulted in temperature variations of 1-2 K about the set point. These
errors resulted in a variable distribution across the length of the beam not comparable with the

FE model above.
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10 mm

Figure 5-5 — Three thermocouples spot welded to a 12 x 3 x 3 mm beam

The development of the three-point bend with heating is concluded here. This method is used
within the next chapter to study fatigue crack nucleation at elevated temperature near non-
metallic inclusions in RR1000. The next section in this chapter deals with the development of
discontinuity tolerant DIC for observations of strain fields produced by the three-point bend

experiment.

5.3 Discontinuity tolerant digital image correlation

The DIC method described below is based upon an implementation following Jiang et al.[ 180]
but has been significantly altered. In the interest of improving strain map resolution at the
micron scale, several improvements have been incorporated. These improvements are
primarily rigid body correction by polynomial surface fitting and discontinuity tolerance via

the Heaviside method, but significant improvements have also been made in code optimisation
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and structure. Contrary to conventional methods in the literature, this is performed using the
coarse-fine method as opposed to optimisation on the first order shape function. The code is
written in Python 3.7 and makes use of several open-source image process libraries such as
OpenCV [181], parallel pipelining interfaces such as Joblib [182], and general-purpose array

operation and linear algebra package NumPy [183].

5.3.1 Coarse-fine method

To obtain full field displacement fields a coarse-fine methodology is employed. The coarse-
fine process for generating displacement maps is shown in Figure 5-6. The process is composed
of two image correlation passes. The coarse pass uses larger subset sizes and coarse subset
overlaps to infer rigid body displacement fields across the sample surface. The rigid body
displacements are used to map the deformed image over the undeformed image by subtraction
of rigid body displacements. This is defined here as a correction step, which is described in
detail later. Using corrected images, a fine pass is performed with a fine subset size and overlap.
Within the fine pass, a discontinuity detection treatment may be added to find discontinuity

parameters dx., dy., dxy, dy, and j. These are described in detail later.

First order displacements
(coarse pass)

Remapping

Second order
displacements (fine pass)

- J

Strain calculation

Figure 5-6 — The general methodology of the Coarse-fine method
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5.3.2 Correlation criteria

To obtain the highest accuracy of correlation shift, an interpolation scheme is often needed to
up-sample the image [184]. Subpixel shift registration is performed by a transform to Fourier
space to assuming grayscale values of reference image and deformed image are time
dependent. Subpixel accuracy is obtained by up sampling the region near the peak shift in
integer accuracy correlograms. This method is described in detail elsewhere [185] but a short
description is given here. In the following, the reference subset grayscale array is referred to as
f and the deformed subset grayscale array as g. For two subsets of size (M x N) Cross

correlation is defined as [186]:

M—-1N-1
)= ) ) fgh+iy+)) 5.1
x=0 y=0

where 7, is the correlogram. The deformed image g is zero-padded to allow for a compatible
product in the correlation coefficient. The correlogram may be obtained in a more
computationally efficient manner via the fast Fourier transform [187]. Transformation of

subsets to Fourier domain is written as:

f=F{f} g=Flg} 5.2

Here, the bold format indicates a transformed variable. The Fourier transform of the

correlogram, R is therefore:
R=fog" 5.3

where g* is the complex conjugate of g. The correlogram can then be obtained through the

inverse Fourier transform:

7. = F YR} 5.4
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This correlogram is only accurate to the integer pixel value. To determine subpixel shifts,
algorithms often up sample the entire image domain using bicubic spline interpolation. Here, a
refinement of the peak of the integer shift correlogram is performed to estimate the subpixel

shift. This method is computationally efficient and is described thoroughly in [185].

Subpixel accuracy is useful for finding decimal shifts in displacement for final approximation
of displacement fields but is computationally expensive for up-scaling. To minimize
correlation coefficients for discontinuity detection, a fast, integer-accuracy correlation criterion
was used. The minimization procedure is described later but introduces up to 100 additional
cross correlation calculations per subset. This follows a normalised sum of square difference

criterion (NSSD) [188]:

SNAYMA(F(x,y) — g+ iy + )

5.5
1
[ENZ3 o2 EM L g(x + i,y + j)?] 2

Tnssp (L, J) =

The NSSD criterion allows for robust measurement of peak heights without errors introduced
through changes in greyscale intensity in deformed image [189]. NSSD does however reduce
the peak width in the correlogram potentially removing desired peak matches which are
available in the correlation criterion in equation 5.1. This equation may therefore be to find the
peak height for subpixel accuracy but equation 5.5 may be used for a fast approximation of the
correlation coefficient. A comparison of the two correlation criteria is shown in Figure 5-7 (a,b)
where the resulting correlograms of two 32 px subset are shown. It is important to note that the
NSSD criterion is a difference measurement which means a lower correlation value
corresponds to a better match. The red arrows indicate location of the peak where the array
indices are the displacement values. While code transparency is desirable, highly optimised

packages such as OpenCV [181] offer fast methods which are instead used.
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Figure 5-7 — Correlograms of (a) the conventional cross correlation and (b) the normalised square difference
criterion for a subset size of 32 px. The red arrows indicate location of the best match.

Both correlation criteria described above obtain zeroth-order displacement functions after

minimisation of the correlation coefficient:
u =x + dx, v=y+dy 5.6

Higher order displacements are not obtained on each subset in this code as is common in other
codes [163], rather a field-wide optimisation is performed on rigid body translations which
corrects for coarse rigid body deformation yet preserves fine displacements. This method is

described in detail within the next section.

5.3.3 Polynomial surface correction

Deformation across a sample surface introduces rigid body displacement, rotation and shear
which cause loss of correlation for shift registration. In the case of large deformation, smaller
subsets used to obtain small scale displacements may not correlate at all and therefore fail to
produce accurate shifts. Larger subset sizes are able to find correlation matches but the
displacements obtained are based upon large amounts of speckles. Large subsets may therefore

detect homogenised displacement across large regions which can be inferred as rigid body

137



deformation. Under this assumption, large subsets may be used to map the reference image
unto the deformed image, correcting for rigid body translation, rotation and shear while
preserving finer displacements for strain calculation in the final step. However, if the

deformation within a large subset is sufficiently complex, the correlation will fail.

Displacement maps (dx and dy) of a coarse first “pass” of the correlation function are used to
model a quadratic plane of best fit using least squares regression. The fit plane is used to map
the coordinates of the deformed image unto the reference image. While the plane used in this
thesis is quadratic, it can be generalised to any n degree polynomial surface. First, subset
centre coordinates are inferred from the zeroth order shape functions such that the measured
coordinate, x of the deformed set is a linear translation resulting from dx. The measured

coordinates are used to find the coefficients of the bivariate quadratic polynomial:

f(x,y) = q1x* + @ux + qz¥* + q4y + qsxy + g, 5.7

where g; is column vectors of bivariate quadratic coefficients, x and y are the subset coordinate

centres of the reference image. This sets up a set of linear equations to be minimised:
_ 2
m1n[||b—Aq|| ] 5.8

Where A is a matrix containing the values of x and y under equation 5.7, and b is a matrix
containing the measured coordinates of x,y. The minimum value of equation 5.8 will equate to
the fit parameters of q. The coordinates of the deformed image are then translated according
to the best fit model of the linear translations with linear transformations X and . As the arising
coordinates are not coincident with the pixel values of the reference image, a bicubic
interpolation is used to map the coordinates accurately. As a result, the deformed image has
now been corrected to map unto the reference image. Border values which are no longer within

the image dimensions are filled with zeros.
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(d) Deformed original (e) Deformed corrected (f) Reference

=

(g) Remapping (h)

Figure 5-8 — A demonstration of the correction routine. The coarse pass displacements (a,b) with corresponding
peak cross correlation heights (c). The changes subjected to the deformed image (d) are shown in (e) where the
remapping routine attempts to remap the deformed image to the reference image (f). An outline of the
remapping shape (g) with the corresponding shifts in x (h) and shifts in y (i). The image sets are kindly provided
by Dr Benjamin Poole.

Figure 5-8 shows the remapping technique in detail. The coarse pass provides rigid body
displacements dx and dy (a, b) which the routine fits a model and obtains correction
transformations X and J (h,i). Here, the bold text format indicates matrices as opposed to
Fourier transformed variables. The outline of the remapping procedure can be seen in (g) and
the resulting correction on the deformed image in (e). In this case, the deformation results from

a three-point bend test and will be investigated in detail later for the Heaviside method.

Given that the coarse displacement pass successfully captures rigid body displacement, the
remapping will conserve local displacements while correcting for rigid body deformation. The

corrective step allows for a fine pass to achieve high correlation coefficients. A key assumption
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used in the correction algorithm is that strain on the sample surface is small. In the case of large
rigid body rotations and shear, decorrelation will occur within the coarse pass and the

correction will fail to approximate the deformation.

5.3.4 Discontinuity tolerance

Discontinuity detection is incorporated via minimization of the square difference correlation
criterion for a masked subset. This method, inspired by the works of Valle et al.[166] and
Bourdin et al.[168], attempts to find discontinuous deformation by partitioning a subset. Instead
of performing a Newton-Raphson optimisation on the correlation coefficient, the correlogram
for every subset is obtained using equation 5.5. A novel method of finding the discontinuity in

the form of a reduced search function is described later.

A binary mask is applied to the undeformed subset such that the peak correlation coefficient,
r(i, ), is dependent on parameters r and 6.1 is a vector from the centre of subset to the tangent
of the discontinuity line and 8 is the angle of the discontinuity with respect to a horizontal axis.

Figure 5-9 shows the subset mask and the discontinuity line parameters.
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dxy, dyy,

dx.,dy,

External side Central side

Figure 5-9 — A subset partitioned along a line with polar coordinates r,0 assumed from subset centre

As the correlation function dependent on r and @ is ill behaved, noisy and non-convex,
optimisation regimes are ineffective in determining the global minimum in an efficient manner.
A search space is defined for r and 6, and a minimum from the sum of correlation of the central
side and external side (ryssp + Tvssp) 1s obtained. The goal of the correlation is to find a best
“match” of pixels, it is therefore prudent to obtain the best fit from the sum of correlation
coefficients. This allows us to find the exact location of the discontinuity. Figure 5-10 shows
the search space of r and 6 with the corresponding sum of correlation coefficients. By
considering the symmetric nature of the sum of correlation coefficients, a reduced brute force
minimisation can be performed. A brute force search of the angles close to the centre of the

subset can reveal the angle 6, at which the discontinuity occurs. A search cone may then be
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defined for angles 8 — 5 < 8 < @ + 5 and all r values. The algorithm therefore only searches

a reduced space as opposed to all combinations of 7, 6.

(a) rsearch space (b) @ search space TNssp + ThssD

. |

Figure 5-10 — The search space for discontinuity parameters (a) v and (b) 8 for a subset containing a
discontinuity, the search spaces have been expanded to include a large array of values to show the behaviour of
the (c) sum of correlation coefficients. The red circle shows the location of discontinuity for the value of r and 6

It is worth noting that the minimization routine is not performed with subpixel accuracy. Once
a best match has been found, a subpixel accuracy correlation is performed to obtain the
displacements of the respective sides. The displacements are compared through a jump vector

magnitude:

j =+ (dx, — dxp)? + (dy, — dyy)% 5.9

As j approaches zero, no discontinuity is found, and the algorithm may continue to the next
subset. In the case of a non-zero j, the central side displacements are assumed to be the subset
displacements and the jump vector is recorded as well as r and 8. The value of correlation is
dependent on the number of pixels which are able to successfully match. The correlation is
therefore dependent on the magnitude of r, where a large r will cause information loss on the
external side. The r search space is limited to 1/4 of the subset window width to obtain optimal
values of correlation for the external side. This also limits the minimum size of the subset, for

small scale displacement maps, a minimum subset size has been found to be around 32px.
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The original versions of H-DIC modify the displacement field such that the jump term (see

equation 5.8) is incorporated into their displacement function [168]. This results in a strain field

which is modified by the jump step. Instead, the discontinuity detection is used as a method of

characterising slip events rather than modifying the strain field.

5.3.5 Determination of strain

(a)

Uj Vi—q

Ui—1,V;

u;, v;

Uit1, Vi
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(b)
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0x
Uj—q U; Ui+

Figure 5-11 — (a) The neighbourhood of displacement cells considered for determination of the deformation
gradient of the central cell (i,j). (b) A schematic representation of finding the displacement gradient based on

fitting a polynomial to the neighbourhood of displacement values

Strain is calculated based displacement sets obtained from the fine pass, these are arrays of dx

and dy. By considering a neighbourhood of displacements (see Figure 5-11 (a)) the

deformation gradient of the central displacement element can be approximated. The classical

displacement gradient, F, is written as [123]:
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Assuming motion in DIC images occur in plane, the out of plane gradients with components in

z reduce to zero, e.g;

au_av_aw_(')w_

e = = = 5.11
dz 0z O0x OJy
The displacement gradient is therefore:
du Ju
— — 0
dx 0dy
F=|ov ov ol 5.12
ox dy
0 0 O

This leaves 4 components of displacement gradients to be obtained from the displacement
maps. Each component is obtained from fitting quadratic equations based on the
neighbourhood of displacements. Figure 5-11 (b) shows the obtainment of displacement
gradient. In HR-DIC, the radius of strain calculation is best taken from a small neighbourhood
to allow for capture of local strain phenomena such as slip bands. However, large
neighbourhoods may be used in component-scale DIC to obtain a larger degree of strain

homogenisation.

The Green strain tensor is determined from the symmetric and anti-symmetric parts of the

displacement gradient:
1
E=_(FT.F_I) 5.13

2

The effective strain can be calculated directly from:

1
2 2 2 2 2 2
Eeff = (§E. E) = |:§ (E11 + EZZ + Elz) 5.14’
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Strain determination is therefore determined over a neighbourhood of displacements and shear
components of the strain tensor are determined from the relative displacement of
neighbourhoods of displacement. It is therefore important to consider the impact of
discontinuity tolerance on this calculation of strain. In this implementation of DIC, no
modification is made to the strain calculation to account for discontinuities in displacement
(e.g. a slip band is still considered as a strain in strain maps). The H-DIC implementation is

therefore primarily used for characterisation of slip band behaviours.

In this chapter the discontinuity detection methodology has been outlined and the next section
discusses the application of the method to an artificial data set. The application of the H-DIC

method to a real data set is detailed in the next chapter

5.3.6 Discontinuity detection on an artificial image set

An image set of speckles is artificially deformed such that the deformed image manifests a
discontinuous displacement representing a physical slip band. Figure 5-12 shows the deformed
image with the respective displacements performed. No displacement gradients are subject to
the image such that a DIC routine will only detect rigid body translation. The purpose of this
artificial image set is to demonstrate the effectiveness of the H-DIC routine and the ability to
capture discontinuous motion within a planar field. The parameters used for this analysis is a
subset width of 32 pixels and a 90% overlap. A single “pass” is made on the image set without

the correction routine as the images are not subject to complex motion.
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Figure 5-12 — A kinematic shift applied artificially to an image set such that the top half shifts to the right and
the bottom half shifts to the left.

Cross
correlation
(ca)

@

Conventional DIC

w

Normalised
squared
difference
(NSD)

H-DIC

Figure 5-13 — The horizontal displacements and corresponding correlation coefficients for the conventional
(a,b) and H-DIC (c,d) respectively for the artifical kinematic shifts shown in Figure 5-12

The displacement and correlation maps are shown for the conventional DIC and H-DIC in

Figure 5-13 for the same subset size and overlap. Horizontal displacement, u, can be seen (a,c)
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for the conventional DIC and H-DIC methods. The primary difference of conventional and H-
DIC displacement maps can be seen in the reduction of complexions at the line of discontinuity.
This can be explained by the improvement in correlation provided by the Heaviside treatment
(b,d) where the H-DIC method is able to improve the correlation near the discontinuity due to

the accurate detection of discontinuity and corrects the displacement of the central side.

(a) r (px) (b) 2

(c) J (px)

Figure 5-14 — The maps of outputs of the H-DIC method. Discontinuity location parameters r (a) and 0 (b) with
a discontinuity jump magnitude (c)

The H-DIC method outputs the r,0 values per subset at as the kinematic jump j. Figure 5-14
shows the output value for the artificial image set described above (see Figure 5-12). The exact
location of the discontinuity can be detected (a,b) and the corresponding jump value in pixels

(c) can be seen to be uniform across the discontinuity.

The quality of the analysis provided by the H-DIC method is dependent on the size of the subset
used. In conventional DIC a small subset size limits the signal size available for cross

correlation, in H-DIC this dependency is compounded due to the splitting of the subset. In a
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24-pixel subset, a discontinuity split will limit the pixels containing speckles which may then
interfere and prevent useful correlation to occur. The subset splitting method does, however,
allow for larger subsets to be used without significantly affecting the resolution of strain maps
as each subset is treated. This has been referred to in literature as an improvement to the signal-

to-noise ratio [168].

An advantage of the H-DIC method described above is its ease of implementation and
computational efficiency. Each subset is treated independently, and therefore can be
parallelised across CPU “workers”. However, this advantage comes at a cost to the robustness
of the displacement mapping. As each reference subset is limited to only correlate with its
corresponding deformed subset, large local displacements are not captured. This is particularly
a problem for discontinuities as the external side (see Figure 5-9) will lose correlation if the
speckles displace beyond the subset boundaries. In addition, as the first order deformation
gradients are inferred from neighbourhoods of displacements rather than directly from the
subset, the correlation quality may be poor. To improve the quality of correlation, the
deformation gradients should be found directly within the image subsets as is done in other
works [168] and the field of search for the correlation should be expanded such that the match
to the deformed subset may be found over a larger field in the reference image. These
improvements will significantly improve the correlation and would allow for the tracking of

discontinuities over a large distance (e.g. large crack openings).

5.4 Summary

In this chapter, the methodology and validation of the three-point bend experiment with
integrated heating and the Heaviside digital image correlation have been discussed.
Development of the three-point bend experiment with heating have shown the capability of

providing isothermal heating conditions to the experimental specimen. The method of tracking
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discontinuous displacements within the digital image correlation has been expanded upon and
the advantages and limitations have been outlined. In addition, suggestions for future work
have been highlighted in the discussion of the validation wherein an emphasis is placed upon
the addition of more displacement gradient terms obtained directly from subset rather than from

a neighbourhood of displacements to improve the correlation quality.

These methods are used in the next chapter which investigates the fatigue crack initiation near
a non-metallic inclusion agglomerate in an RR1000 specimen under elevated temperature and

low cycle fatigue loading conditions.

149



6 Twin boundary fatigue crack nucleation in a
polycrystalline Nickel superalloy containing non-
metallic inclusions

6.1 Introduction

Polycrystalline Ni-based superalloys are used in turbine discs in the turbine section of
conventional gas turbines. While widely considered as high-performance materials with
excellent strength, fatigue crack growth resistance and excellent creep properties, there are a
number of microstructural features which can promote fatigue crack nucleation during

operation [1].

Annealing twin boundaries nucleate during high temperature forming processes and often
present themselves as thin lamellae in a parent grain. The twinning of a grain adds a low energy
X3 boundary which can act as a barrier to dislocation motion and therefore strengthen the
plastic response [190]. However, twin boundaries have been reported to concentrate local

plastic strain [140,161] which has been linked to fatigue crack nucleation [85].

While known as fatigue crack nucleation sites, the mechanistic drivers for twin boundary crack
nucleation are not fully understood. Heinz and Neumann observed twin boundary cracking for
a host of orientations in austenitic steel samples and argued that the elastic anisotropy of the
FCC lattice configuration and the local crystallography are the root causes of twin boundary
fatigue crack nucleation [138]. In an FCC crystal lattice, the twin boundary lies on a [1 1 1]
plane and therefore permits slip to run parallel to the twin plane. Stinville et al.[140]
distinguished between parallel slip and transmitted slip adjacent to and across twin boundaries
and found parallel slip to exhibit the largest strain concentration in their samples. In another
study, they created bounded criteria for fatigue crack nucleation near boundaries based on

Schmid factor, elastic mismatch (between twin and parent) and the twin boundary length [141].
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A favourably orientated large twin-containing grain will allow unimpeded dislocation motion
parallel to the twin boundary. Large accumulation of dislocations in the form of slip bands and
large stresses resulting from the twin boundary modulus mismatch create the necessary driving
forces for fatigue crack nucleation. On the other hand, Zhang et al. [191] reported that twin
boundaries containing y'' precipitates were responsible for early plasticity and resulted in
fatigue crack nucleation after cyclic loading. Their study sees complexions on the twin
boundary which increases premature plasticity near the twin due to the differing elastic
properties of the y'’ precipitates. This study was performed on Inconel 945X, an alloy designed
to resist stress-corrosion cracking. Their observations may therefore be distinct and not

representative of the general superalloy population.

Fatigue crack nucleation in Ni based superalloys also manifests at non-metallic inclusions.
Non-metallic inclusions are an unavoidable defect of powder metallurgy. To achieve a
homogenous grain structure in near-net shape components, manufacturers use powder
metallurgy. Erosion products in the melt persist through screening processes and arrive in the

final microstructure [10].

Inclusions are generally known to be deleterious to fatigue life where larger inclusions are
inversely proportional to fatigue life [66,70]. Recent studies have suggested that there may be
competition between fatigue crack nucleation at inclusions and twin boundaries [90,92]. Texier
et al.[90] reported on the competition between non-metallic inclusions and twin boundaries in
several variants of Inconel 718. They found a transition going from cracking at inclusions to
twin boundaries existed and correlated with the density of £3 twins in the microstructure.
Stinville et al.[85] found that the competition is strongly dependent on the applied stress where
fatigue cracking at inclusions is a low-cycle phenomenon while cracking at twin boundaries is
dominant at high cycle fatigue. However, in some alloys, non-metallic inclusions seem to be

the limiting microstructural feature for fatigue life. Zhang et al.[87]found that inclusion
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fracture and decohesion within the first cycle of loading led to fatigue crack nucleation at high
applied stresses. It is likely that the competition between these features is strongly influenced
by the size, mechanical properties and distribution of inclusions in addition to the length and
orientation of twins. In a crystal plasticity framework, Yeratapally ef al.[147] predicted
cracking at twin boundary to experience high amounts of normal stress (relative to the loading

direction).

High spatial resolution DIC (HR-DIC) has recently become a popular tool for analysing
heterogeneous strain fields and their role in fatigue crack nucleation [162,174,192]. The
scanning electron microscope (SEM) is commonly used to capture small scale speckle patterns
in ex-situ and in some cases, in-situ. New problems arise when considering displacement fields
at this length scale. The largest issue is the introduction of new artefacts from the electron
imaging [162,193]. At smaller length scales, slip banding also becomes prevalent. The DIC
method typically assumes a continuous displacement field; however, slip bands are discrete
kinematic discontinuities. Bourdin et al.[168] observed local kinematic discontinuities in the
form of slip bands by modifying the second order displacement calculation with a method they
term Heaviside-DIC. The method, developed by Valle et al.[166], splits a subset to obtain two
sets of displacements for both sides of a discontinuity. This enables identification of slip
banding without a priori knowledge of the discontinuity. Stinville ef al.[169] used this method
to identify regions of irreversible slip. In this study, similar method is introduced to identify
regions of discontinuous displacement such as slip bands, fatigue crack nucleation and

inclusion decohesion and fracture.

Discrete dislocation plasticity (DDP) is a numerical framework that explicitly models the
activities of individual dislocations along defined slip planes. A conventional, isotropic DDP
method has been widely applied to understand deformation at the dislocation level under
various loading conditions, including tension [194], micro-pillar compression [195], bending
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[196], indentation [197] and sliding [198].The discrete nature of the DDP modelling method
uncovers the highly localized, individual slip bands [199] opposed to an averaged behaviour
of activated slip systems that are commonly predicted by using crystal plasticity (e.g. [200]).
Although conventional isotropic DDP simulations were used to simulate the interactions
between y and y’ phases in Nickel superalloys [201] and [202], it still remains challenging to
incorporate the strong elastic anisotropy of Nickel superalloys into the DDP framework when
the detailed deformation near the twin boundary is required at the slip band scale. In this work,
an elastically anisotropic DDP model is introduced that considers the elementary
microstructure of a twin-parent grain combination as a multi-phase sample, and the elastic

anisotropy is introduced by applying the O’day superimposition methodology [203].

The primary purpose of this chapter is to present a combined experimental and modelling
investigation of fatigue crack nucleation at non-metallic inclusions and twin boundaries at
elevated temperature, resembling operational gas turbine conditions. While the experiment was
designed to nucleate fatigue cracks at inclusions, cyclic loading also produced fatigue cracks
at a favourably orientated twin boundary. This has enabled us to address the competition
between inclusions and twin boundary fatigue crack nucleation and discuss mechanistic drivers

for fatigue crack nucleation at the twin boundary.

6.2 Methods

6.2.1 Material

The material investigated in this study is a polycrystalline nickel superalloy produced via the
powder metallurgy processing route. The material was supplied by Rolls-Royce plc and has
the name designation RR1000. Agglomerated non-metallic inclusions were detected on the
sample surface. The inclusions cause an anomalous grain structure to persist in the immediate

vicinity of the agglomerate. This unique grain structure, shown in Figure 6-1, consists of large,
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coarse grains with a high density of X3 twin boundaries. The acquisition of EBSD maps is
detailed in a later section. The large grains are surrounded by the conventional equiaxed fine
grain structure with an average grain size of 5 um. The Ni matrix between inclusions within
the agglomerate comprises extremely fine grains. The nature of the origin of coarser grains is

hitherto unknown and is not addressed in this study.

The material was cut and machined to a three-point bend beam with dimensions 2 x 3 x 12 mm.
The inclusion is deliberately located in the tensile fibre of the front surface shown in Figure
6-2 (a). Prior to mechanical testing, the sample was subjected to a fine grinding procedure with
a0.25 pm diamond suspension and then subject to polishing with a 0.1 um alumina suspension.
Due to the fine nature of the agglomerate, no coarse grinding was performed. An ion etch was
performed in a PECS Gatan II to achieve high quality electron backscatter patterns (EBSPs)

for EBSD.

Crystal Orientation - Z 001 [111]
DL BR5E 2

[001] 011]

Inclusion agglomerate and
fine grains

Coarse grains

Normal grain structure

Figure 6-1 — IPF-Z map of the agglomerate region prior to testing. The EBSD map has been processed to
remove extremely small grains and inclusions are omitted.
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6.2.2 Mechanical testing

The specimen was subject to low cycle fatigue loading in isothermal conditions at 300°C.
Images were captured ex-situ in a scanning electron microscope (SEM) Zeiss Auriga at
intervals of 1, 2, 20, 100, 1000, 2000, 3000, 4000, 5000 and finally 6000 cycles. The
mechanical test was performed in a Shimadzu 10kN tensile tester rigged to handle push-push
three-point bending. A load-controlled regime was applied where the peak load during cycles
1 to 4000 was kept at 1800 N, 1900 N for 4000 to 5000 and 2100 N for 5000 to 6000. The
stress increase was given to provide sufficient local stresses for fatigue crack nucleation at the
region of interest. A schematic of the loading regime is shown in Figure 6-2 (b). A Von Mises
plasticity model (Figure 6-2 (c)) of the beam predicted the peak tensile stress in the agglomerate
region to be 1200 MPa during an applied load of 1800 N. The peak tensile stress at the region

of interest is equivalent to 125% of the yield stress of pristine fine-grained RR1000.

(a) [Load I(:b)

Z100 N

1900 N

[#] []
Inclusions

Figure 6-2 — (a) The three point bend specimen showing loading constraints and applied heat, (b) the applied
loading history, (c) field plot of o, at applied load of 1800 N, (c) An image of the experimental set-up with
infrared heaters active.
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6.2.3 Discontinuity tolerant DIC

To obtain high spatial resolution in DIC, a discontinuity tolerance capability and a rigid body
correction algorithm were implemented in an existing DIC algorithm. The code follows that of
Jiang et al[180]. This DIC algorithm utilises the conventional fast subset cross-correlation
methodology but has additional functionality in the form of discrete discontinuity detection.
Such algorithms have been recently demonstrated to provide valuable insight into slip band

formation [168].

(b)
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Edge side ’

Accept treatment if

j=(ue - TP (G =

is non-zero

Figure 6-3 — (a) A schematic showing implementation of the logical masking routine for subsets, (b) the process
flow for the discontinuity tolerant DIC method

To correct for rigid body translation and rotation, a coarse-fine subset correlation method is
used. A coarse pass is applied to obtain first order displacement over the region of interest. A
least-squares minimisation is performed on a polynomial surface over dx and dy. The surface

is then used to remap coordinates in the deformed map using bicubic interpolation.
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A slip band, or a crack, is a local kinematic discontinuity. A subset containing a discontinuity
will face poor correlation coefficients as pixel information is lost through local rigid body
translation and rotation. In extreme cases, it becomes necessary to correlate small amounts of
information. In addition, normalisation of the correlation product is required to achieve
comparative correlation coefficients. A two-dimensional discrete normalised square-difference

is employed to tackle these issues.

The algorithm implemented in this study applies a logical mask to subset arrays to handle local
discontinuities (see Figure 6-3 (a)). During the first pass, an arbitrary line is placed across the
subsets, dividing it into two sides (central and edge). The sides are cross correlated with the
respective sides on the undeformed subset. A suitable match is found when the sum of cross
correlation for both sides is minimised. The correlation product function dependent on r and 6
is ill-behaved, non-convex and noisy, rendering conventional minimisation routines
ineffective. Instead, a brute force method is employed to determine the global minimum. Every
subset is treated, increasing computational cost significantly but allowing for detection of
discontinuities throughout the displacement field without prior knowledge of their location. In
the case of multiple discontinuities within a subset, the algorithm identifies the discontinuity
closest to the subset centre. Once displacements have been obtained for both sides, the central
side displacement is assumed to be the subset displacement and the edge side displacement is

used to calculate the discontinuity displacement magnitude. The magnitude, j, is the norm of

the respective displacements (j = Vu? — v?, u = dx, — dx,, v = dy. — dy,).

This implementation is written in Python and makes use of several common packages such as
OpenCV, joblib, numpy etc. It is parallelised over CPU cores and can be scaled-up to run on

high-performance clusters. A process flow chart can be seen in Figure 6-3 (b).
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6.2.4 Speckle patterning

In this work, a fine speckle pattern of gold particles with an average size of 60 nm is used. The
speckle pattern was produced by water-vapour assisted gold remodelling which has been
reported by several researchers [204,205]. The gold pattern is stable at elevated temperature
and provides excellent background contrast in the backscatter detector. Removal of gold
speckles to allow for EBSD measurements was accomplished by gentle oxide suspension

polishing.

6.2.5 DIC image capture

Backscatter micrographs are captured in a grid containing 6x7 images with an overlap of 20%
at 10 keV accelerating voltage. They are later stitched together in a commercial software
package. To align and correct for perspective changes, a python script using OpenCV packages
is used. A subset size of 32 px is used for determination of the strain field maps. The subset

size and inclusion agglomerate stitched image are shown in Figure 6-4.
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(b) Inclusion agglomerate

(a) 32 px =600 nm

25 um

Figure 6-4 — (a) Subset size, (b) a 6x7 stitch of BSE micrographs of inclusion agglomerate and coarse grain
region

6.2.6 HR-EBSD

To investigate the sample crystallography, a high-angular resolution electron backscatter
diffraction mapping was performed using a Zeiss Sigma SEM equipped with an Oxford
instruments EBSD Nanodetector. A region of interest was designated around the inclusion
agglomerate, encompassing the coarse-grains as well as some of the conventional finer grains.
An accelerating voltage of 20 keV with an aperture of 240 pum was used at a working distance
of 20 mm. The sample was pre-tilted at 20 degrees with respect to the electron beam. The SEM
parameters were chosen to provide clear and high-quality patterns necessary for HR-EBSD

analysis.

Two maps were obtained in this study, pre- and post-deformation. The pre-deformation scan
used a map size of 123 x 92 pm with a step size of 180 nm over the entire agglomerate and
coarse-grained region. A relatively fine step size is required to obtain high quality information

on lattice curvature. Patterns were obtained with a resolution of 600 x 600 with a 2 x 2 binning.
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A post-mortem scan was performed on an area of interest within the coarse-grained region.

This map used a map size of 82 x 61 um with the same parameters outlined above.

HR-EBSD analysis in this study used two methods, Correlation based and Hough-based. The
correlation based method follows that of Wilkinson ez al.[206,207] and is described in detail
elsewhere. In short, the correlation-based methodology calculates shifts in local EBSP
measurements using two-dimensional cross correlation products. These shifts are interpreted
as measured local lattice rotations. Residual elastic strain gradients are then obtained from the
measured lattice rotation. The rotation gradients allow for determination of six lattice curvature
components. The curvature components can then be used to estimate GND densities. The
Hough-based method is used to provide qualitative indications of geometrically necessary
dislocation densities neglecting elastic stresses [208]. This has been chosen to substitute
correlation-based methods where pattern qualities were insufficient to provide detailed

analysis.

6.2.7 Crystal plasticity finite element model

To provide accurate boundary conditions for a discrete dislocation plasticity model, two finite
element models were constructed: an engineering-scale model of the beam, and a grain-scale
model of the coarse-grains containing twin boundaries. As the experiment was load-controlled,

so were the models.

The beam model was subject to loads imposed during the experiment to obtain stresses in the
tensile fibre where the agglomerate region is located. Five loading cycles were modelled with
Von Mises plasticity. While Von Mises is not able to capture cyclic effects such as kinematic
back-stresses, it can be used to accurately estimate the peak stresses experienced. It is also

noted that the reverse stress is not known and needs to be obtained manually, by carefully
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comparing model strains to experimental strains from DIC. This method has been used

successfully in the past and is described in detail elsewhere [51].

A faithfully representative finite element sub-model was also constructed with knowledge of
grain boundaries and crystallographies obtained from EBSD. This sub-model considers a twin
boundary in the coarse grain region which is used later for DDP. The grain structure is
processed in MTEX in order to remove small grains and smooth coarse grain boundaries. The
sub-model is subject to load-controlled fatigue with boundary conditions obtained from the
beam model. The geometry and boundary conditions are summarised in Figure 6-5. This model

is subject to the crystal plasticity detailed in 3.2.1.

Agglomerate region

AN P —w

5 {"I.-. "

o ‘-"l ‘ﬂl

— Twin boundary

Figure 6-5 — The CPFE model geometry showing uniaxial force controlled boundary conditions

6.2.8 Discrete dislocation plasticity formulations

A two-dimensional discrete dislocation plasticity model was created using an existing
framework [209] to investigate the micromechanical behaviour in vicinity of the a region of
interest. The region of interest is comprised of the twin lamella and parent grains shown

centrally in Figure 6-5 and is a faithful representation of their respective geometries. Elastic
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anisotropy was incorporated into the DDP framework through the O’Day superimposition
[203]. Although the model is restricted to two dimensions, it nevertheless facilitates insights
into the mechanistic detail of localised deformation at the scale of slip banding which CPFE
cannot capture explicitly near the twin boundary. The DDP modelling was performed kindly

by Dr Yilun Xu.

The plane strain constraint is achieved by confining the FCC slip activation to three (111) slip
systems (originally introduced by Rice [210]), which are inclined 60° with respect to each
other. The orientation relationship between a parent and twin grain are shown in Figure 6-6 (a).
The 2D configuration of three slip systems wherein dislocation sources, obstacles and
dislocations are populated, is shown in Figure 6-6 (b). The spacing between each set of parallel

slip planes is taken to be 100b.

- -

-
-

Z X
*—
————— Slip plane
A Obstacle

Frank-Read source

(b) J_ Dislocation

Figure 6-6 - (a) the slip systems and orientation relationship between a pair of parent and twin grain in
RR1000. (b) the slip system configuration along the <I11> plane of a RR1000 grain.
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The plastic flow in the model results from collective dislocation glide. The collective glide is
determined by a set of constitutive equations which have been described thoroughly in
literature (e.g. [196,211,212]). The material properties for RR1000 within the DDP framework

have been calibrated against tensile test data [213], these are seen within Table 6-1.

Table 6-1 — DDP material properties for RR1000

E+(GPa) Ep(GPa) v B(Pa - s) Aum™2)
210 190 0.31 5x 1074 0.05
b(nm) Pnuc (Mm_z) Thuc(MPa) Pobs (ﬂm_z) Thuc(MPa)
0.351 60 600 360 1800

Due to the high computational demand of the DDP framework, a region of interest within the
polycrystalline sample is chosen in order to minimize the computational demand while
retaining a large enough area to reflect the twin boundary features. The region can be seen in
Figure 6-7 (a) and contains a three-grain DDP sub-model which represents the parent and twin
grains configuration. The dimensions of the region are 20 x 5 um. The morphology and
crystallographic orientation of the grains is obtained from EBSD and DIC observations of the
sample surface (see Figure 6-1 and Figure 6-8). The boundary conditions imposed on the DDP
sub-model are obtained from the CPFE model described in the previous section such that a
multi-scale modelling strategy is performed at the slip plane and crystal scale [214]. The
macroscopic stress response of the DDP sub-model is shown in Figure 6-7 (b) under a
monotonic displacement-controlled loading. The potentially activated slip systems (indicated
by the blue dashed lines for the parent grain and yellow dashed lines for the twin grain) are

illustrated in the sub-figure for reference.
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Figure 6-7 - (a) the region of interest (ROI) modelled using DDP and the applied boundary conditions. (b) the
stress strain response curve of the ROI when a monotonic strain-controlled loading applies.

6.3 Strain localisation

Three-point bend testing under load-controlled fatigue was performed on the beam sample with
ex-situ capture of speckle fields in an SEM with a quadrupole backscatter detector set for
chemical contrast. The BSE micrographs were used as images for DIC and processed to create
strain fields. Highly localised strain occurred heterogeneously throughout the microstructure
within the first cycle of loading. Figure 6-8 shows €, strain distributions after one cycle of
loading. Highly localised strain develops in the form of slip bands originating within the coarse
grains surrounding the agglomerate region. Strain is also visible in the form of gradient fields
which is due to microslip not directly observable by the current DIC configuration. The two

forms of strain are termed as slip banding and microslip in the following paragraphs.
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N=1,F=1800N Exx
0.020
i. Fracture and 0.015
decohesion
0.010
ii. Multiple slip
0.005
iii. Slip transmission 0.000
—-0.005
iv. Slip incident to twin
—-0.010
v. Slip parallel to twin —0.015
-0.020

Figure 6-8 — Map of €., after one cycle of loading. Large coarse grains are indicated by white GBs. Smaller
grain boundaries are omitted. The inclusion agglomerate located in the centre sees high strains arising from
inclusion fracture and decohesion.

A variety of slip banding phenomena can be seen in the coarse grains in the strain map of
Figure 6-8. Multiple slip banding can be observed in a large grain (labelled ii.). Multiple slip
activation appears to occur in the grain due to its unique morphology and adjacency to the
agglomerate field which likely creates a complex stress state acting on the grain. This behaviour
is exhibited in several large grains. Slip transmission can also be seen taking place over several
grains (labelled iii.). Slip transmission occurs across active slip systems well orientated for

transmission across grain boundaries.

The microstructure of the sample includes several twin boundaries. The twin boundaries see
several slip band behaviours. Slip behaviour near the twin boundary can be categorised into
slip transmission and parallel slip (labelled iv. and v.). Parallel slip is discussed thoroughly in

the next section.

The fine grains dispersed between the inclusion agglomerate see little to no slip banding using

the DIC method. Instead, strain is localised is small regions resembling packets of highly
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localised strain and microslip. The packets of highly localised strain are associated with
initiation events manifested as inclusion decohesion and fracture. A BSE micrograph with
quadrupole polarity set to topographical view is shown in Figure 6-9 with pull-outs showing
both inclusion fracture and decohesion. Importantly, fracture and decohesion occur uniformly
across the agglomerate regardless of inclusion chemistry. Furthermore, several inclusions
observe mixed-mode initiation exhibiting both fracture and decohesion. Fracture and
decohesion effectively nucleate voids which kinematically shift the speckle pattern locally
within the agglomerate. In effect, the high measured ‘strains’ are not straining but rigid body
translation. This kinematic shift may also shift neighbouring subsets and local disturbances can

be seen in the strain maps.

Fracture of HfO,

Decohesion of HfO,

Decohesion of Al,03

Figure 6-9 — BSE micrograph of agglomerate region after one cycle of loading. The backscatter quadrupole has
switched polarity to allow for topographic detail. Pull-outs of inclusion initiation phenomena are shown. Gold
speckle particles can be seen throughout the sample surface. They appear as white dots in the image.

Fatigue damage phenomena (i.e., fracture and decohesion) were observed even after the first

cycle of loading. Early damage has been observed in several other studies [82,144]. Inclusion
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decohesion and particle fracture occurred on (or within) the majority of non-metallic
inclusions. Decohesion of the metal/oxide interface has been found to be stress-threshold
dependent [51] where a normal stress component (acting normal to the metal/oxide interface)
is the primary mechanism at the continuum scale. Particle fracture has been analysed in a
separate study and was found to be unambiguously related to the internal maximum principal
stress acting within the inclusion [144]. As both phenomena are typically observed within the
first few cycles of loading and crystal plasticity models suggest local ratcheting is negligible
[144], it is argued that these mechanisms are stress threshold dependent. High stresses in the

initial cycle are likely to cause inclusion decohesion and fracture, evidently also in this study.

Zhang et al.[51] performed a three point bend experiment on the same material system with an
inclusion agglomerate and found that decohesion of the HfO, inclusions is likely to occur when
the normal stress lies between 1270 — 1480 MPa, however, observations of high residual
stresses proceeding shot peening suggested that the strength was higher. A follow up study
utilised cohesive zone models to find the true interfacial strength to be around 2000 MPa [144].
The experiment performed by Zhang ef al.took place at room temperature and at a lower stress
level than the experiment performed in this study. This suggests that the interfacial strength of

the inclusions is temperature dependent, but this requires confirmation.

The experiment presents two sets of inclusions with different mechanical properties which may
modify the stress field given that the central Al,0; inclusions are stiffer than the matrix and
particularly if they are stiffer than HfO,. Owing much to their size, exact characterisation of
the Al, 05 phase is challenging and requires further investigation. In addition, the agglomerate
field is larger in the current experiment compared with that of Zhang et al. A larger inclusion
field may drive up stress gradients due to the stiffer elastic modulus of the particles compared
with matrix. As the decohesion and fracture phenomena are stress threshold dependent, an

elevated stress field will cause more fracture and decohesion events. The morphology of the
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agglomerate field (from a planar perspective) must also be considered. In the current study, the
agglomerate is spread in a circular pattern whereas in the work of Zhang et a/, the agglomerate
is lenticular with the short axis orientated parallel to the loading direction. The geometrical
reality of the agglomerate field may change the stress distribution within — particularly for the
uniaxial loading case. Inclusions orientated in “parallel” versus “series” configuration may play

a large role in the distribution of stress and cascade failure events.

6.4 Cyclic strain behaviour

(a) (b) N =1:20, F= 1800 N €xx
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-0.015
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Cycle Increased Growth of voids
25 pm strain in slip
band

Figure 6-10 — (a) the strain accumulation across the entire DIC region measuring the strain relative to the
reference image and (b) a sequential €,.,, map showing the strain between cycle 2 to 20

The beam sample recorded a moderate level of plasticity after the first cycle of loading but
subsequent cyclic loading provided €,, strains largely below the noise threshold of the DIC
algorithm. Figure 6-10 (a) and (b) show the €, plastic strain accumulation over cyclic loading
and the sequential €,,, map between the 2"¢and 20™ cycle respectively. The strain accumulation
is calculated from with respect to the reference image, showing the approximate strain level at
every cycle interval relative to the undeformed configuration. Vertical bands can be seen in the

strain map which are artefacts introduced by the SEM. Sutton et al.[215] has suggested
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sinusoidal artefacts are introduced through the SEM instrument. Strain is found to be localised
to two features here: discrete slip bands and growth of voids introduced by decohesion and

particle fracture after continued cyclic loading.

The load applied to the sample was increased incrementally after 4000 cycles to produce
crystallographic cracks within the agglomerate. Between cycles 4000 to 5000, the effective
plastic strain accumulation can be seen to increase. Between cycles 5000 to 6000 the effective
plastic strain rises dramatically. This rise can be attributed to the increase of load to 2100N but
the nucleation of several fatigue cracks is likely to provide a bias to the mean strain data. This
bias is arguably negligible due to the relatively small area the cracks govern compared with the

total size of the DIC map.

6.5 Fatigue crack nucleation at non-metallic inclusions

After 3000 cycles of loading, two distinct fatigue cracks nucleated in the inclusion agglomerate
region. These fatigue cracks are unique as they originate from different sources: decohered
particles leading to void coalescence and fractured particles leading to crystallographic fatigue
crack nucleation. Examples are shown in Figure 6-11 where (a) shows a crystallographic
fatigue crack emanating from a fractured particle and (b) shows a fatigue crack formed from

several decohered inclusions. These early microcracks develop after 3000 cycles of loading.
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Figure 6-11 — Nucleation of two types of fatigue crack from inclusions after 3000 cycles of loading. (a) A
fatigue crack emanating from a cracked inclusion developing a crystallographic crack. (b) Coalescence of
decohesion leading to a microcrack. Small white particles are Au speckles.

These two types of fatigue crack nucleation from non-metallic inclusions are characteristically
different because of the way they interact with the metal matrix. A fatigue crack emanating
from the fractured particle grows directly in the matrix along crystallographic slip lines and is
dominated by the local crystallography, grain boundaries and non-metallic inclusions. A
fatigue crack nucleating near several decohered particles consists of the coalescence of
decohered voids. In this particular example (showed in 9 (b)) several inclusions are clustered
in a tight configuration. This tight configuration and the prevalence of decohesion likely
promotes elevated plasticity and stored energy density within the matrix which drives the

coalescence.

After 6000 cycles, the microcracks grow to form fatigue cracks which span across the width of
the agglomerate region. A micrograph and €,,, strain map of the agglomerate region after 6000
cycles is shown in Figure 6-12. The micrograph shows several smaller cracks dispersed
throughout the agglomerate. The corresponding €,,, DIC map of the agglomerate region shows
bands of high strain spread through the height of the agglomerate region. These bands are the
cracks stretching through the agglomerate region. In the unloaded condition, local sections of
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the fatigue cracks close and thus are not immediately obvious in Figure 6-12 (a). There are

therefore several fatigue cracks present in the agglomerate, these are annotated in Figure 6-12

(b).

Coalescence of several
(b)  decohered particles

| )
5 um Fatigue crack from
fractured inclusions

Figure 6-12 — Growth of microcracks to form cracks over the whole agglomerate region (a) A backscatter
micrograph of the agglomerate region showing fatigue cracks. (b) €., strain map of agglomerate region
between cycles 5000 to 6000 showing fatigue cracks in the form of high strain slivers.

The discontinuity tolerance algorithm shows regions of connected coalescence from decohered
particles in Figure 6-13. The algorithm is also able to determine locations of decohesion and
particle fracture shown by red arrows. While the algorithm can detect slip bands and inclusion
decohesion and fracture it also detects noise in the DIC imaging. Significant regions of
excessive displacement can be seen. These are regions where excessive rigid body

displacement has shifted subsets beyond subset unicity.
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Figure 6-13 — Sequential €, strain maps of the inclusion agglomerate region with discontinuity magnitude
maps for the first and the last image intervals. Red arrows show initiation and fatigue crack nucleation events.
Grain boundaries are omitted here due to their size and complex morphology. Scale bars are 10 ym.

6.6 Fatigue crack nucleation at a twin boundary

After 6000 cycles of loading, a fatigue crack was found to nucleate at a twin boundary situated
in a large coarse grain below and removed from the agglomerate region. The fatigue crack and
€xy strain map local to the twin are shown in Figure 6-14. Significant multiple slip is present
within the parent grain in which the fatigue crack nucleated. Slip bands developed parallel and
immediately adjacent to the twin boundary while incident slip bands exist removed from the

twin boundary but colliding with the parallel slip bands.
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Figure 6-14 — (a) An SEM image of the twin boundary crack with annotations indicating slip banding and the
twin boundary, (b) A €, strain map of the region containing the twin boundary crack and (b) a pull out
showing the location within the coarse grained region

The slip characteristics develop within the first cycle of loading and further cyclic loading does
not introduce further clearly observable slip bands (Figure 6-14). Microslip of course continues
to develop in heterogeneous fields. Figure 6-15 shows the €, strain and the discontinuity jump
magnitude j for cumulative slip bands of the first cycle and 5000™ to 6000™ cycle. Within the
first cycle, high strain bands and microplasticity can be observed in both the parent and twin
grain, extreme discontinuity presence can be observed parallel to two twin boundaries (of
which the left parallel slip band develops a crack). During the last 1000 cycles, tensile slip band
development can be observed, and significant tensile strain can be observed in the parent grain.
Importantly, the slip detected on the twin boundary of interest in the first cycle contains the
largest slip band magnitude over the entire DIC map. During the final strain interval, a fatigue
crack has nucleated which has introduced rigid body translation and rotation to the speckle
field. The fatigue crack can be seen in the discontinuity field map where a local region has

registered a high discontinuity magnitude.
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Figure 6-15 — Strain and discontinuity maps after the first cycle and for the last 1000 cycles in which a twin
boundary crack nucleates. The red arrow indicates peak discontinuity within map and fatigue crack nucleation.
Scale bars are 10 ym

The twin and parent grains accrue significant slip during the experiment. Studies in other Ni-
based superalloys have also shown that strain localisation occurs preferentially adjacent to and
parallel to twin boundaries leading to fatigue crack nucleation [140,161]. Figure 6-16 shows
the slip traces of active slip bands in the parent and twin grains. Schmid factor calculations
with respect to the loading axis show erroneous predictions. This is likely due to the complex

stress state experienced by the two grains which lie close to the agglomerate.
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Parent Twin

Figure 6-16 — Slip traces and cube orientations for the Parent and twin grain after the first cycle of loading

6.7 Intragranular rotation, GNDs, and residual elastic stress

Prior to loading, an EBSD scan was performed to evaluate the initial local GND densities,
residual elastic strains and stresses. Elevated geometrically necessary dislocations in the parent
and twin grains may indicate that early localisation was promoted during the first cycle of
loading. Figure 6-17 shows the logarithmic density of GNDs in the region of interest prior to
mechanical loading. GND densities are distributed grainwise. The twin and parent grains both
record similarly low GND densities (around 1013m™~2). The surrounding small grains show
relatively large densities. A large grain next to the inclusion agglomerate shows elevated GND

densities of ~101*m~2.
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Figure 6-17 — The HR-EBSD GND density field map of the twin region prior to loading

Figure 6-18 shows the measured residual stresses in the twin region prior to loading obtained
from correlation based HR-EBSD. Uniform stress fields are recorded within the parent and
twin grains although large tensile stresses can be seen in surrounding smaller grains above and
below the twin boundary. This may indicate that the twin and parent grains are surrounding by

harder (by virtue of residual stresses) grains which may promote some slip activity within the

parent and twin after loading.

176

15

114.8

14.6

14.4

14.2

14

13.8

13.6

13.4

13.2

13



Figure 6-18 — Residual stresses near the twin boundary crack region pre-loading. Scale bar shown in black is
10 ym

While slip in both parent and twin see mirrored slip patterns about the twin boundary (see
Figure 6-16), the parent sees a parallel slip band formation where a fatigue crack nucleates
between two parallel slip bands. The fatigue crack (see Figure 6-14 (a)) at first appears to
diverge from one of the parallel slip bands and then rotates. This non-linear crack path may be
a function of the intragranular rotation which occurs due to the complex loading experienced
in the grain. Figure 6-19 shows a comparison of kernel average orientation and GND densities
obtained by Hough based methods for the pre-test and post-mortem states. While a post-
mortem correlation-based HR-EBSD analysis of the region is of interest, excessive rotation of
the free surface in the out-of-plane direction and poor pattern quality prevented accurate

determination of crystal rotation. Instead, Hough methods are utilised to estimate crystal
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rotations and GND densities. It is therefore important to note that GND maps are indicative of

rotation distributions in the post-mortem specimen and not quantitative for thorough analysis.

Strong intragranular rotation can be seen in the twin and parent grains with gradients peaking
at the twin boundary. For the post-mortem maps, the fatigue crack may contribute significantly

to local apparent rotations.

KAM Hough-based GND estimation

10"

Pre-loading

Post-loading

Crack location

Figure 6-19 — Kernel average misorientation and Hough-based GND estimations for the twin region pre-
loading (prior to test) and post-loading (after 6000 cycles)

6.8 DDP modelling of twin boundary

DDP modelling results shown below were collected by Dr Yilun Xu as a part of the

investigation into the nature of stored energy accumulation at the twin boundary.
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Results obtained from the DDP sub-model of the parent and twin grains (shown in Figure 6-7)
are considered next. The predicted major-axial stress oy, and effective strain €55 field plots
are shown in Figure 6-20 (a) and (b), respectively. The results were obtained from the peak
load of the 1% cycle. Strong localisation and high heterogeneity of both variables are predicted
by the DDP sub-model, and the deformation tends to develop more significantly near the twin
boundaries. Symmetric slip patterns are observed around the twin boundary from the inclined
slip (with respect to twin boundary) and conforms to observations in DIC observations (see
Figure 6-16). Strong accumulation of strain can be seen near the twin boundary which is also
consistent with other independent experimental observations [140]. A close-up inspection of
strain and dislocation structure near both twin boundaries (shown in Figure 6-20 (c) and (d)
respectively) reveals that dislocations along parallel and inclined slip systems both nucleate
and pile-up near the twin boundary which results in parallel and inclined slip lines. The GND
density distribution determined from the net Burgers vector [212] is shown in Figure 6-20 (e).
The GND distribution shows accumulation near the twin boundary indicated by the white
arrows), which reflects the strong strain gradient and lattice rotation [129] observed in the
EBSD results (see Figure 6-19). The combination of slip localisation and GND concentration
(the latter of which has been shown to be correlated to fatigue crack nucleation in RR1000
[213] and [88,158]) near the twin boundary are argued to lead to high local stored energy

density and hence to fatigue crack nucleation at this site.
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Figure 6-20 - The distribution of the (a) stress, (b-d) effective strain and (e) geometrically necessary dislocation
(GND) in the DDP sub-model. The results are obtained at the instant of peak applied loading.

6.8.1 On the effect of elastic anistropy

Previous research has attributed the susceptibility of fatigue crack nucleation near twin
boundary to the elastic anisotropy (e.g. [216] and [141]). An isotropic DDP model was
employed using the same constraints and boundary conditions as those used for the elastically
anisotropic DDP sub-model described above, but the elastic moduli for parent and twin are
kept at 200 GPa. The effective strain distribution of the isotropic DDP model is shown in Figure
6-21 (a). Although the strain pattern shows good consistency with the DIC results (see Figure
6-16) with respect to the inclined slip planes, the isotropic model does not predict slip band
localisation near the twin boundary, which has been extensively observed in the DIC results

and other independent work. The anisotropic DDP model (Figure 6-21 (b)), in contrast, shows
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localisation near twin boundary. In addition, the strain predicted by the anisotropic DDP model
shows a more inhomogeneous distribution with hotspots concentrated near the twin boundary
as opposed to the interior of grains, which could lead to eventual fatigue crack nucleation.
Therefore, this reinforces existing experimental observations that the elastic anisotropy is vital

in the localisation of strain near the twin boundary.

1.0 (Parent) 1.0 (Parent) 1.0 (Parent)

Anisotropic modelling

Loading direction

0.96 (Parent) 1.06 (Twin) 0.96 (Parent)

Figure 6-21 - the comparison of effective strain distribution predicted by (a) the isotropic DD modelling and (b)
the anisotropic DD modelling.

6.9 Discussion

6.9.1 Competition between inclusion and twin fatigue crack nucleation

Current consensus on the competition between inclusion and twin boundary fatigue crack
nucleation agrees that non-metallic inclusions are dominant in fatigue nucleation [92],
especially at elevated stresses. In this study, a fatigue crack nucleated at a twin boundary near

to the inclusion agglomerate after 6000 cycles of loading. The twin boundary fatigue crack
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nucleates in a grain experiencing high levels of strain and parallel slip banding (see Figure
6-15) both symptomatic of twin boundary crack nucleation according to independent studies

[141].

The twin boundary fatigue crack nucleates in a grain subject to unique conditions. Favourable
orientation with respect to the loading axis promotes high slip, however the grain is also unique
compared with the mean sample microstructure. For instance, the twin boundary length is 6x
the average grain size in the sample. The adjacency to the agglomerate region is likely to
promote the local slip as it does in similar studies (e.g. [87,217]). These factors fulfil the

prerequisites for fatigue crack nucleation at the twin boundary.

Inclusion decohesion and particle fracture occur within the first cycle of loading (similar to
[87]) and nucleate microstructural fatigue cracks after continued loading. Several studies
suggest that particle fracture and decohesion increase the likelihood of fatigue crack nucleation
due to the increase in stored energy density accumulation [52,68,144]. Fracture and decohesion

are therefore precursors to fatigue crack nucleation and growth.

It is therefore possible to hypothesise that, in the absence of inclusion fracture and decohesion,
twin boundary crack nucleation may be promoted. Several conditions must be satisfied for this
to occur: (i.) stresses must be low enough to prevent inclusion fracture and decohesion, (ii.) the
grain morphology must be favourably oriented with respect to the loading direction, (iii) the

twinned grain must be located near the agglomerate to promote stress elevation.

6.10 Summary

A low-cycle fatigue experiment has been performed on an RR1000 beam with an inclusion
agglomerate subject to elevated uniform temperature (300° C). Widespread fracture and

decohesion of non-metallic inclusions occurred within the first cycle of loading. After

182



continued cyclic loading, voids from decohesion and fracture grew to form microcracks.

Microstructural (crystallographic) fatigue cracks were observed after 6000 cycles.

Despite fatigue crack nucleation within the inclusion agglomerate, a fatigue crack also
nucleated adjacent to a twin boundary. The twin boundary was located within a coarse grain
near the inclusion with a twin boundary length 6x the average grain diameter. Residual elastic
stresses pre-deformation were relatively low in the grain combination suggesting no promotion
of early plasticity. Early plasticity during the first cycle is found to be a function of orientation
and proximity to the non-metallic inclusion. The twin and parent grains led to high localised

slip and intragranular lattice distortion.

A faithfully representative discrete dislocation plasticity model was created to obtain
predictions of slip band interactions near the twin boundary. Elevated GND density was
predicted to accumulate at a location near the twin boundary. The importance of crystal
anisotropy in strain localisation adjacent to twin boundary was contrasted against an isotropic

material model.
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7 Conclusion and outlook
7.1 Conclusions

In this thesis, the mechanisms that drive fatigue crack nucleation near non-metallic inclusion
were explored and investigated. Firstly, the conditions under which decohesion and fracture
take place were found in an inclusion agglomerate within RR1000. The use of a cohesive zone
methodology showed that the decohesion and inclusion fracture could be controlled by a stress
threshold criterion. It was also confirmed that the stresses necessary to drive decohesion and
fracture occur early in the cyclic loading. By assuming that the decohesion and fracture
strengths were infinite, it was found that the fatigue life was marginally improved compared

with models in which decohesion and fracture occur.

The comparative performance of microstructural features in low cycle fatigue was investigated
using a synthetic microstructure. Principally, a twin boundary and a non-metallic inclusion
were contrasted. It was found that in all cases, the non-metallic inclusion accumulated
significantly more stored energy density and thus was most likely to develop fatigue cracks
compared with the twin boundary. In addition, the slip localisation and stored energy density
in the vicinity of the twin lamellae was characterised. Stored energy density accumulates on
the twin boundary due to the highly stresses slip systems immediately parallel and incident to
the boundary. The stress-threshold dependency of the decohesion phenomena prompted an
investigation into the probability of cyclic decohesion in stress-controlled loading. Several
hardening models, both isotropic and kinematic, were introduced to compare the cyclic stress
change do/dN local to the inclusion. Under no hardening model was cyclic decohesion
predicted, supporting the argument that decohesion is a deformation event driven by strong

monotonic loading specifically for the stress-controlled case. It is however noted that strong
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kinematic effects may be exhibited under higher R-ratios [155]. This may imply that under low

peak loads, fatigue life is improved by the absence of decohesion of the inclusion.

To improve the spatial resolution of strain maps and detect discontinuous deformation in
images, the DIC method was improved upon by integration of a subset splitting methodology.
Each subset in a DIC map was treated independently such that discontinuous motion could be
detected from partitioning the subset and obtaining zeroth order displacements for each
partition. To improve the correlation coefficient, a global correction method was used in which

a bivariate polynomial was fit to coarse, rigid body displacements.

Elevated temperature, low cycle fatigue experiments were performed on a three-point bend
sample containing a non-metallic inclusion agglomerate. Temperature was incorporated via a
set of infrared lamps which were able to maintain a stable temperature with a control system.
While the far field stress acting on the agglomerate was lower than that of the previous
investigation, widespread decohesion and inclusion fracture were observed within the first
cycle of loading. Fatigue cracks began to nucleate near non-metallic inclusions from voids
introduced by both decohesion and inclusion fracture. After 6000 cycles, fatigue cracks had
grown to the width of the agglomerate field and a fatigue crack was detected near the inclusion
agglomerate on a twin boundary. HR-EBSD analysis of the twin region showed significant
intragranular rotation in the grain in which the fatigue crack nucleated. A representative
discrete dislocation plasticity model showed that elastic anisotropy was required to reproduce
strain localisation adjacent to the twin boundary, and that high densities of GND densities and
slip concentration near twin boundary could result in elevated stored energy density
accumulation on the twin boundary which may then result in fatigue crack nucleation within

RR1000.
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7.2 Future work

In this thesis, it has been assumed that in the absence of decohesion and inclusion fracture,
fatigue cracks could still appear around the inclusion in the form of slip-driven cracks, either
in persistent slip bands or at grain boundaries. This prompts the need for an experiment in
which the applied stresses are kept low enough to not generate high maximum principal stresses
within the inclusions and high normal stresses on the inclusion-matrix interface. After
continued cyclic loading and the development of persistent slip bands impinging upon the
agglomerate, fatigue cracks should nucleate. As the stresses are lower, the experiment will have
to be designed to accommodate for the longer fatigue lifes expected. Detailed modelling
analysis of the system are required prior to performing the experiment to ensure that these

stresses are kept to the minimum.

Further experimental validation is essential to confirm several conclusions within this thesis.
The decohesion and fracture strength of inclusions is inferred from a model containing 45
discrete inclusions. This needs to be validated with additional experiments under similar
loading conditions. In addition, low load, stress-controlled experiments are required to confirm

the nature of cyclic decohesion.

Temperature experiments performed in this work have been kept isothermally at 300°C.
Further investigation is required to determine the effect of higher temperatures. This would
resolve the temperature dependency of the inclusion decohesion and fracture strengths as well
as provide telling information on the plastic deformation of the matrix under higher
temperatures for which a transition from octahedral to cuboidal slip is expected. Turbine discs
are also routinely subject to complex thermal loading histories which may affect the fatigue
lifetimes. Isothermal is, in isolation, a useful first order approximation of the conditions in

which the inclusions are subject to when in service. However, with consideration that the
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coefficients of thermal expansion are different for inclusion and matrix, and that local plasticity
may be expected from a simple monotonic thermal load (e.g. [52,75]); it may be expected that
a complex thermal loading history introduce some local plasticity which may affect the stored

energy accumulation.

The digital image correlation implementation performs a zeroth-order displacement estimation
on both sides a discontinuity such as a slip band. Due to the widespread use of optimisation on
higher order displacement functions, it is possible to obtain more displacement gradient terms
at the subset level. In the current algorithm, the displacement gradient is calculated based on

neighbourhoods of displacements rather than at the subset level.

If optimisation on the second-order displacement function is performed for a subset with a slip
band, a full description of the deformation gradient may be possible for both sides. It may
therefore be possible to obtain a measure of geometrically necessary dislocations of both sides
of a slip band. In the spirit of [218], by use of in-situ capture of the speckle field, the elastic
strains may be estimated. Elastic residual strains may of course also be obtained from
correlation-based HR-EBSD. With this information in mind, it is possible to estimate the stored
energy density for both sides of the slip band. The stored energy accumulation at the slip band

could be accurately measured over the loading history of a sample.
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Appendix A
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Figure Al, XX-strain across path profiles from DIC measurements [51], and model predictions. Figures a, b
and c correspond to paths (a), (b) and (c) respectively

Figure A1 shows variations of XX-strain after the second cycle of loading in the experiment
obtained by DIC [51] and predicted by the CPFE model. Three paths are chosen showing
relatively good agreement between experiment and model. Naturally, the HR-DIC technique
(with sub-um resolution) picks up highly localised slip activity which the crystal plasticity
approach cannot but some of the key features and magnitudes of the strain distributions are

captured.
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