
https://helda.helsinki.fi

MD simulation study on defect evolution and doping efficiency

of p-type doping of 3C-SiC by Al ion implantation with

subsequent annealing

Wu, Jintong

2021-02-21

Wu , J , Xu , Z , Liu , L , Hartmaier , A , Rommel , M , Nordlund , K , Wang , T , Janisch , R &

Zhao , J 2021 , ' MD simulation study on defect evolution and doping efficiency of p-type

doping of 3C-SiC by Al ion implantation with subsequent annealing ' , Journal of Materials

Chemistry. C , vol. 9 , no. 7 . https://doi.org/10.1039/d0tc05374k

http://hdl.handle.net/10138/339839

https://doi.org/10.1039/d0tc05374k

acceptedVersion

Downloaded from Helda, University of Helsinki institutional repository.

This is an electronic reprint of the original article.

This reprint may differ from the original in pagination and typographic detail.

Please cite the original version.



MD simulation study on defect evolution and 

doping efficiency of p-type doping of 3C-SiC 

by Al ion implantation with subsequent 

annealing 

Jintong Wua, Zongwei Xu*a,  Lei Liua, Alexander Hartmaier*b, Mathias Rommel*c, 

Kai Nordlundd, Tao Wangb, Rebecca Janischb, Junlei Zhaoe 

a. State Key Laboratory of Precision Measuring Technology & Instruments, 

Laboratory of Micro/Nano Manufacturing Technology, Tianjin University, China 

b. Interdisciplinary Centre for Advanced Materials Simulation (ICAMS), Ruhr-

University Bochum, Germany. 

c. Fraunhofer Institute for Integrated Systems and Device Technology IISB, 

Germany. 

d. Department of Physics, University of Helsinki, Finland. 

e. Department of Electrical and Electronic Engineering, Southern University of 

Science and Technology, Shenzhen, 518055, China. 

Abstract 

We use molecular dynamics (MD) simulation with numerical characterisation and 

statistical analysis to study the mechanisms of damage evolution and p-type doping 

efficiency by Aluminum (Al) ion implantation into 3C silicon carbide (SiC) with 

subsequent annealing. By incorporating the electronic stopping power for implantation, 

a more accurate description of the atomic-scale mechanisms of damage evolution and 

distribution in SiC can be obtained. The simulation results show a novel observation 

that the recrystallization process occurs in the region below the subsurface layer, and 

develops from amorphous-crystalline interface to the damage center region, which is a 

new insight into previously published studies. During surface recrystallization, 

significant compressive stress concentration occurs, and more structural phase 

transition atoms and dislocations formed at the damage-rich-crystalline interface. 

Another point of interest is that for low-dose implantation, more implantation-induced 

defects hamper the doping efficiency. Correspondingly, the correlation between lattice 

damage and doping efficiency becomes weaker as the implant dose increases under the 

same annealing conditions. Our simulation also predict that annealing after high 

temperature (HT) implantation is more likely to lead to the formation of carbon 

vacancies (VC). 



Introduction 

As a third-generation semiconductor material, silicon carbide (SiC) is attractive for the 

applications in many high-tech areas due to its wide forbidden bandgap, high thermal 

conductivity, and high electrical breakdown strength [1]. For the fabrication of SiC 

devices, ion implantation is one key process for almost all kinds of SiC devices due to 

the low diffusion coefficient of impurities (except boron) in silicon carbide [2]. As for 

p-type doping, the most commonly used dopants are aluminum (Al) and boron (B). 

Although some previous studies have investigated B diffusion for p-type doping [3], a 

high density of boron-related deep levels [4] is generated, which degrade electrical 

activation. On the other hand, due to the smaller energy gap to the valence band and a 

strong tendency to occupy atomic sites in the silicon sublattice [5,6], and since Al does 

not appear an abnormal out-diffusion phenomenon as B-doped SiC during annealing 

[7], Al is preferred. 

Influenced by constraints such as doping amount and impurity atomic distribution, low-

resistance p-type SiC preparation is still a difficult problem to be solved [8], because of 

ion implantation-induced defects which severely limit carrier lifetime and the 

effectiveness of doping [9]. Korsunska et al. [10] found the recombination centers in 

4H-SiC using photoluminescence (PL) spectra. These deep levels caused by 

compensating impurities were identified as lifetime killers, such as the Z1/2 and EH6/7 

centers [11-13]. Despite several experimental studies on discovering the implantation-

induced defects and electrical activation [14-16], there are several incongruences on the 

enhancement of electrical activation. For instance, Nipoti et al. [14,15,17] indicated that 

the activation (i.e., implanted ions occupy the targeted lattice sites) of p-type 4H-SiC 

can be enhanced by increasing the Al-implanted concentration whereas Saks et al. [16] 

claimed the decrease of activation rate is due to the saturation of dopants in SiC at high 

doping levels. Although a series of articles based on density functional theory and ab 

initio calculations have conducted related discussions on the origin and properties of 

fatal defects in SiC [18-20], while a computational model of p-type doping SiC is 

completely missing, which limits a fully understanding of the damage evolution 

mechanism during implantation and annealing. Accordingly, we attempted to answer 

the following key research questions in this paper: 

1 The large amount of energy deposited to the electronic system might lead to the 

unphysical results, e.g. simulations of multiple projectiles. Therefore, how to 

establish a more realistic model to explore the damage evolution during ion 

implantation? 

2 As for implanted SiC, how the recrystallization happen during annealing? What is 

the effect of annealing residual damage? How to avoid this? 

3 How to connect the doping efficiency in simulations with the electrical activation 

in experimental study? What are the main factors implicate the doping efficiency, 

such as dose and implantation temperature: which is the dominant factor under the 

same annealing conditions? 

4 What are the factors affecting the proportion of annealing-induced defects? 



In order to answer these questions, we demonstrated the efficiency of substitutional Al-

doping of 3C-SiC using molecular dynamics (MD) simulation. Our numerical research 

is conducted on implantation process and post annealing to clarify the fundamental 

dynamics of defect recovery. By varying processing conditions such as the doping doses 

and doping temperature, the optimal p-type doping conditions and the main factors 

affecting doping conditions were studied. Furthermore, we note that in this context, 

since the potential function fitting between Al and SiC was based on 3C-SiC [21], we 

excluded the idea of using 4H-SiC for the sake of precision of simulation. However, it 

should be pointed out that the results obtained by studying 3C-SiC can be at least partly 

applicable for 4H-SiC being most important for today’s SiC device fabrication as well 

because at least to some extent similar defects play an important role for both polytypes. 

Although the deep level compensation defects mentioned above, such as Z1/2 and EH6/7 

defects, are unique defects of 4H-SiC and 6H-SiC, defects in 3C-SiC that are very 

similar to these deep energy levels can be found in previous literature. For example, 

Alfieri [22] reported that the energy position of the deepest level of 3C-SiC labeled K3 

(Ec-0.73 eV) is close to that of the EH6/7 level in 4H-SiC. And he pointed out that the 

K3 and EH6/7 centers may be related to the same defects through an electron-dose 

dependent irradiation study. The Z1/Z2 (3C) defect peak observed by Pensl et al. [23] 

in 3C-SiC after implantation is very close to Z1/2 peak in 4H-SiC by DLTS spectrum.  

Moreover, in the early stages using of SiC as wide bandgap material for the fabrication 

of advanced power devices, 3C-SiC already attracted a lot of interest due to its physical 

and electronic characteristics [24]. However, 3C-SiC substrate fabrication and further 

processing turned out to be more critical due to significantly higher defect densities and 

defect related issues compared to e.g., 4H-SiC [25, 26]. Recently, 3C-SiC gained 

increasing interest again – strongly due to recent progress in epitaxial growth of 3C-

SiC on silicon substrates using dedicated Si surface patterning [27, 28]. Thus, today, 

3C-SiC is again considered for industrial device fabrication, especially for power 

MOSFETs due to the rather high channel mobilities [29] and lower interface state 

densities (Dit) at the SiO2 / SiC interface compared to e.g., 4H-SiC [30], even though 

very recently, new processing schemes also lead to significant reduction in Dit for 4H-

SiC [31]. Therefore, the establishment of Al implanted 3C-SiC with post annealing 

model to explore the evolution of defects, recrystallization mechanism, and the 

activation efficiency of doped atoms can still have a certain guiding role on the 

theoretical level. 

Computational details 

Molecular dynamics model and analysis parameters 

The simulation work was based on the “Large-scale Atomic/molecular Massively 

Parallel Simulator” (LAMMPS) [32], and “Open Visualization Tool” (OVITO) [33] 

was used to visualize and perform data analysis. Furthermore, the statistics over the 

lattice structure can be gathered by the automated “identify diamond structure” (IDS) 



[34]. Fig. 1 shows the original structure of silicon carbide, where the basic structural 

unit has a tetrahedral geometry, and it was based on this basic structure to identify the 

substituted Al atoms. The 3C-SiC supercell composed of a regular tetrahedron structure 

contains 8 atoms, and the side length of the supercell is 4.348 Å [35].  

The dimensions of our implantation model were 10.87 nm  10.87 nm  17.392 nm, 

including 200000 atoms. Considering the diffusion effect during implantation, a larger 

range was adopted in Z direction with non-periodic conditions, while periodic boundary 

conditions were set in X and Y directions. The SiC workpiece was divided into three 

zones to describe the actual doping process, i.e., boundary layer, thermostatic layer and 

Newton layer, as shown in Fig. 2. The operation of atoms in the Newton layer followed 

Newtonian dynamics (NVE ensemble), which directly interacts with the implanted 

atoms. Temperature of the system increased due to Al continuously bombarding the 

target, so as to simulate the temperature dissipation in experiment, a few thermostat 

layer atoms were added at the bottom of the doping region, which were modeled with 

Berendsen thermostat [37]. The boundary layer was used to fix the position of sample. 

Moreover, in order to avoid the ion channeling effect [38], the angle between 

implantation direction and Z direction was set as 7°. After structural initial equilibration 

at 293 K, different numbers of Al ions (corresponding to the doping doses of 1.25 

× 1014 cm-2 to 5 × 1014 cm-2, corresponding to the same doping area of 8 nm × 8 nm) 

were simulated bombarding SiC (001) surface with 2 keV energy. Furthermore, a 

variable-timestep was employed to ensure the simulation accuracy of the rapid motion 

of particles.  

We then studied the recrystallization kinetics and attempted to find efficient Al 

substitution conditions. Heat control of the annealing system was realized by Nose-

Hoover thermostat (NPT ensemble). The system was gradually heated to 3300 K (the 

temperature was selected based on the results of decomposition temperature testing 

using Tersoff / ZBL potential described in detail in section 2.3) with 0.5 fs / timestep, 

and temperature was kept for 2 ns during heating stage. The heating and cooling rate 

settings were as the same as 2 × 1013 K / s. The basic simulation parameters are listed 

in Table 1. 

It might be noted here that the configurations of simulation parameters in MD (such as 

the implantation energy i.e., 2 & 5 keV) which is one or two orders of magnitude lower 

than experimental studies (generally in the range from several tens to hundreds of keV). 

This procedure is however consistent with the inception of such studies [39-41], and 

the conventional idea we take in the current simulation is so as to ease off the current 

limitations of computational time. Moreover, a sufficiently larger size substrate is used 

to minimize the gap between the experimental and simulation studies. Considering 

these aspects, it is important to use an appropriate potential function to study the 

microstructure evolution in implantation and post annealing process. 

Normally, the energies and forces of the whole system are described by the potential 

energy function in MD studies. In this work, Ziegler-Biersack-Littmark (ZBL) 

repulsive potential was added to accurately correct the short-range interactions between 

C and Si atoms [42]. The long-range interactions between covalent SiC system was 

depicted by Tersoff potential [43], which was splined smoothly to ZBL potential: 



𝐸 =  
1

2
∑ ∑ 𝑉𝑖𝑗𝑗=𝑖𝑖                                                       (1) 

𝑉𝑖𝑗 = (1 − 𝑓𝐹(𝑟𝑖𝑗)) 𝑉𝑖𝑗
𝑍𝐵𝐿 + 𝑓𝐹(𝑟𝑖𝑗)𝑉𝑖𝑗

𝑇𝑒𝑟𝑠𝑜𝑓𝑓
                                 (2) 

𝑓𝐹(𝑟𝑖𝑗) =
1

1+𝑒
−𝐴𝐹(𝑟𝑖𝑗−𝑟𝑐)

                                                (3) 

where the 𝑉𝑖𝑗
𝑇𝑒𝑟𝑠𝑜𝑓𝑓

  and 𝑉𝑖𝑗
𝑍𝐵𝐿  represent the portion of Tersoff and ZBL portion, 

respectively. 𝑟𝑖𝑗 is the distance between atoms 𝑖 and 𝑗.𝐴𝐹 determines the smoothness 

of the transition between ZBL and Tersoff portion, and 𝑟𝑐 is the cutoff for the ZBL 

function.  

The embedded atom method (EAM) potential was used for Al atoms interactions [44]: 

𝐸 =  ∑ 𝐹𝑖(𝜌𝑖)𝑖 +
1

2
∑ 𝜙𝑖𝑗(𝑅𝑖𝑗)𝑖≠𝑗                                           (4) 

where 𝐹𝑖(𝜌) is the energy of embedding atom 𝑖 into the electron density 𝜌, and 𝜌𝑖 

is the total electron density surrounding atom 𝑖. 𝜙𝑖𝑗(𝑅𝑖𝑗) is a pair potential interaction. 

 Dandekar and Shin proposed a Morse potential to describe the interaction between 

ceramic and metal particles: 

𝐸𝑖𝑗 = 𝐷0[𝑒−2𝛼(𝑟𝑖𝑗−𝑟0) − 2𝑒−𝛼(𝑟𝑖𝑗−𝑟0)]                                      (5) 

where  𝑟  represents the distance between the pair particles, 𝑟0  represents the 

equilibrium bond length, 𝐷0  and 𝛼  represent the well depth and the width of the 

potential, respectively. Relevant parameters for Morse potential are shown in Table 2, 

and the accuracy has been tested with ab initio study by Zhao et al [21,45]. 

 

Table 1  

Basic parameters of the MD simulation model during ion implantation and post-annealing (As 

for boundary conditions, p represents periodic boundary conditions, and f represents non-

periodic boundary conditions, namely fix boundary conditions). 

Condition  Parameters 

Work material  Monocrystal 3C-SiC (001) plane 

Workpiece dimensions 10.87 nm×10.87 nm×17.392 nm 

Boundary conditions during doping p p f 

Incident angle 7° 

Doping energy 

Number of Al ions 

2 keV 

80, 140, 200, 260, 320 

Ion doses 1.25×1014 cm-2, 2.18×1014 cm-2, 3.12×1014 cm-2, 

4.06×1014 cm-2, 5×1014 cm-2 

Bulk temperature during implantation 293 K, 873 K, 1273 K, 1973 K 

Timestep Adaptive timestep 

Post implantation annealing temperature 3300 K 

Boundary conditions during annealing p p p 

 



Table 2 

Parameters of the Morse potential between aluminum and silicon carbide [45]. 

System  Parameters Morse potential 

Al -C D0 (eV) 0.4691 

 α (1/Å) 1.738 

 ro (Å) 2.246 

Al -Si D0 (eV) 0.4824 

 α (1/Å) 1.322 

 ro (Å) 2.92 

The stress field is one of the basic parameters characterizing the implantation process. 

The virial stress was used to analysis the force state of atoms [46]:  

𝜎𝛼𝛽(𝑖) =  
1

𝑁𝑉𝑖
 (∑ 𝑚𝑖𝑣𝑖𝛼𝑣𝑖𝛽𝑖 +

1

2
∑ 𝑟𝑖𝑗𝛽𝐹𝑖𝑗𝛼𝑖≠𝑗 )                               (6) 

It is a second order tensor, where 𝑚𝑖  is the mass of atom 𝑖 , 𝑉𝑖  reflects a certain 

volume around the atom. Note that the area 𝑉𝑖 should not be too large to prevent the 

statistical average covering up the details of the stress field. In this study, the calculation 

box radius for each atom was set to 2 nm. 𝑁 represents the number of atoms in the 

region, 𝑚𝑖  and 𝑣𝑖∗  are the mass and velocity of the atom, 𝑟𝑖𝑗∗  and 𝐹𝑖𝑗∗  are the 

relative vector diameter and force component between a pair of particles, respectively. 

Temperature calculation is similar to the method used in stress analysis according to the 

formula: 

𝑇𝑖 =
2

3𝑁𝑖𝐾𝐵
(∑ 𝐸𝑘

𝑁𝑖
𝑖=1 )                                                 (7) 

Where 𝐸𝑘 is the kinetic energy of the system, 𝐾𝐵 is the Boltzmann constant, 𝑇𝑖 and 

𝑁𝑖 are the temperature and number of atoms of the 𝑖𝑡ℎ volume element. 

Electronic stopping powers for ion implantation process 

In the process of high-energy ion implantation, the mechanisms for dissipating energy 

of an energetic incident ion can be divided into three categories, namely, nuclear 

stopping corresponding to elastic collisions, electronic stopping corresponding to 

inelastic collisions, and charge exchange process. Since the charge exchange loss only 

accounts for a small part of the total energy loss of low-charge ions, it can be ignored 

[47]. Although for the simulations in this work (i.e., incident particle energies from 350 

eV to 5 keV) nuclear stopping dominates for each implanted ion which can be 

confirmed using the stopping and range of ions in matter (SRIM) code [48], while the 

accumulated error due to the neglect of electronic stopping will become larger as the 

number of ions increases. The purpose of this test is to augment support to the 

simulation accuracy, and to have a clear understanding of the damage evolution during 

ion implantation simultaneously. 

The energy of the projectile was varied between 350 eV, 2 keV and 5 keV. The model 

in Fig. 2 corresponds to the implantation energy of 350 eV and 2 keV, and a 14.78 nm 

× 14.78 nm × 49.56 nm size of material (including 1054272 atoms) was built for 5 



keV implantation. In order to eliminate the influence of lattice thermal vibration on 

damage evolution analysis, we adopted single ion implantation and set the temperature 

to 0 K. The basic parameters such as boundary conditions and ensemble setting were 

the same as the ones described in section 2.1 with an adaptive timestep. A command 

named "fix electron / stopping" provided by LAMMPS can be used to simulate the 

electronic blocking power of intermediate energy values. The electronic stopping power 

is calculated by linear interpolation between two nearest points in the electronic 

stopping table obtained by SRIM-2013. Specifically, the ionization energy was applied 

by introducing additional friction force to an energetic atom moving with the kinetic 

energy exceeding a certain threshold (10 eV by default). 

Simulations of the ion implantation process with electronic stopping (Elstop) and 

without electronic stopping (Elstop-off) were compared. Taking 5 keV implantation as 

an illustration, during the bombardment, the kinetic energy of Al atoms dropped sharply, 

which caused the potential energy of material atoms (potential energy of material was 

calculated from the Tersoff potential function described in section 2.1) raised by leaps 

and bounds, as shown in Fig. 3. Due to the introduction of implantation energy, a part 

of the initial energy loss was promptly transferred to electrons. As the kinetic energy 

was dissipated, the ionization energy loss rate of the system began to slow down. When 

the damage of the workpiece reached the maximum, the potential energy of system 

climbed to the peak value. The ratio of ionization energy lost to recoils revealed three 

distinct values i.e. 32% from 5 keV doping, 17.5% from 2 keV doping and 14.5% from 

350 eV doping. In addition, it should be mentioned that we determined the atomic 

concentration by dividing the number of Non-Cubic Diamond Structure atoms (i.e., 

highly disordered atoms, named NCDS atoms, which were screened out by IDS scheme) 

atoms by the total volume of material for thermal spike analysis in section 2.2. As for 

the subsequent multi-ion implantation, the damaged atom concentration of implanted 

area was obtained from the ratio of NCDS atoms’ count to the volume of the implanted 

area. Because of the lateral cascade collision effect along X and Y directions during 

implantation, the area in X and Y directions were chosen as the size of material i.e., 

10.87 nm × 10.87 nm. The damage depth is selected as 9 nm (see Supplementary Fig. 

6 and its explanation). Using the concentration of crystalline SiC material after initial 

equilibration (i.e., ~ 9.72 ×  1022 cm-3 in our simulation) as a reference, it can be seen 

from the concentration of NCDS atoms that ionization (aim at atoms with kinetic energy 

greater than 10 eV) can weaken cascade collisions within the material, where the stable 

NCDS atom concentration decreased from ~ 1.15 ×  1019  cm-3 to ~ 5.72 ×  1018 

cm-3 for Elstop and from ~ 1.87 × 1019 cm-3 to ~ 8.31 × 1018 cm-3 for Elstop-off. 

The entire process takes about 0.6 ps and 0.8 ps for Elstop and Elstop-off implantation, 

respectively. 

The temperature of heat diffusion was calculated to investigate the fast and slow 

recovery process. A general exponential function was used to describe the dynamic 

thermal diffusion [49]: 

𝑇 = 𝑇0 + 𝐴1𝑒
−

𝑡

𝑡0                                                    (8) 

where 𝑇0, 𝐴1 and 𝑡0 are constants. By fitting the curve, it can be calculated that the 



temperatures of the two systems at the initial time are 2771.7 ± 99.0  K and 

2407.8 ± 63.9 K respectively, indicating that the damaged atoms without considering 

the ionization energy caused a higher local temperature, and 𝑡0 represents the rate of 

temperature drop. When 0 ps < 𝑡0 < 1 ps , the smaller 𝑡0  means the faster cooling 

rate. Obviously, it can be observed in Fig. 4 that the cooling rate of Elstop implantation 

is significantly faster than that of Elstop-off implantation, which is in line with 

expectations (i.e., considering the loss of energy to electrons, the cooling rate of system 

will be accelerated). 

Furthermore, in order to evaluate the accuracy and validity of MD calculation and in 

response to the subsequent simulation process, the statistical laws of Elstop and Elstop-

off were given by performing 2 keV ion implantation. The doping dose was selected as 

5 × 1014 cm−2 with 80 ions (corresponding to the doping area of 4 nm × 4 nm), the 

damage distribution and Al atom range generated by implantation was compared with 

SRIM Monte Carlo results. Among them, SiC density was selected as 3.21 g/cm3, the 

incident angle was set to 7°, with 2 keV incident energy and 1 million impacts. Fig. 5 

shows the statistics of MD and Monte Carlo results. For the convenience of comparison 

with SRIM results, the atomic density here is obtained according to the ratio of 

concentration (unit: cm-3) to dose (unit: cm-2, here the doping dose is 5 × 1014 cm-2). 

Noted that the calculation principle and the number of implanted ions behind the two 

methods are quite different, so we mainly focus on the consistency of the distribution. 

Due to the fact that the energy dissipation of system accelerates when considering the 

electron stopping powers the penetration depth of the incident particles becomes 

shallower. Besides, it can be observed from Fig. 5 that a better consistency of the 

distribution of both damaged atoms and projected range in the region with larger 

penetration depth (greater than 60 Å for damage distribution) exists between Elstop 

implantation and Monte Carlo method. 

Testing of decomposition temperature of SiC by the Tersoff / ZBL 

potential function 

The growth of single crystalline SiC with high purity, complete structure and 

controllable doping concentration is the basis for fabricating high quality SiC devices. 

However, it is well known that there is no liquid phase in SiC under vacuum or 

atmospheric pressure. Since that the annealing temperature is always determined based 

on the melting point of materials, while as for SiC material, for a more precise definition, 

here we discuss the decomposition temperature ( 𝑇𝐷 ) of SiC, the purpose of this 

preliminary test was purely to determine the 𝑇𝐷  of 3C-SiC under Tersoff / ZBL 

potential. Compared with the experimental 𝑇𝐷  value of 2830 ℃  for SiC [50], the 

according value calculated by the Tersoff potential is often overestimated [51, 52]. 

Therefore, the hysteresis method [53] was carried out to pave the way for the 

subsequent study of annealing process. 

Luo et al. [53] explored melting and crystallization for 864 to 10196 atoms, and found 

a negligible difference of size effect. In this study, a cubic SiC with a side of 2.6 nm 



(composed of 1782 atoms) was adopted. Periodic boundary conditions were applied in 

three directions. The bulk was allowed to follow NPT ensembles and was sufficiently 

equilibrated at 3000 K, with a timestep of 0.5 fs. The ambient temperature was set 

gradually increased from 3000 K (solid state) to 7000 K (over the DT) with a rate of 

2 × 1012 K/s . The heating process lasted for 200 million iterations, and then 

decremental cooling to room temperature (RT) was applied at a constant rate. There 

will be a saltation in energy at 𝑇1 above 𝑇𝐷, while during the process of cooling to RT, 

another sudden saltation in energy will occur at 𝑇2  below 𝑇𝐷 . The calculation of 

equilibrium 𝑇𝐷, can be deduced as [53]: 

𝑇𝐷 = 𝑇1 + 𝑇2 − √𝑇1𝑇2                                                (9) 

This can effectively correct the considerable overestimation of 𝑇𝐷 when using 𝑇1 as 

the decomposition temperature [54]. 

The XRD spectra of 3C-SiC before and after decomposition obtained by virtual X-ray 

diffraction (XRD) [55] with Cu 𝐾𝛼  radiation (1.5418 Å) was given to prove the 

decomposition process of the crystal. The results are shown in Fig. 6. The peaks 

correspond to the crystalline SiC at 2𝜃 value of 35.7°, 41.5°, 60.1°, 72.1°, and 75.7°, 

which is consistent with the typical experimental pattern of beta-SiC powders [56, 57]. 

We have generated additional evidence for the decomposition process by simulating the 

changes in the coordination number of 3C-SiC before and after decomposition during 

superheating, which is monitored in Fig. 7. Noted that the coordination number in 

crystalline SiC is 4, while for the atom that tends to sublimate, this value is often less 

than 4 due to the appearance of vacancies (that is, due to the dispersion of neighbor 

atoms). It can be clearly seen that the proportion of Si atoms forming vacancies around 

is 20% higher than that of C atoms, which means that Si atoms are more likely to 

vaporize than C atoms when the temperature exceeds 𝑇𝐷  during superheating. The 

experimental results show that SiC material begins to sublimate directly above 2000 

℃ and decomposes into C-rich and Si vapor at high temperature (HT) conditions [58, 

59]. Moreover, the temperature corresponding to the energy transition of each atom is 

monitored. As evident from Fig. 8, it is found that 𝑇1 and 𝑇2 are 5036.0 K and 4425.9 

K, respectively. According to eq. 9, it can be concluded that the 𝑇𝐷 of SiC calculated 

based on Tersoff / ZBL potential is about 4740.8 K.  

One reason for the higher calculated 𝑇𝐷 is that real world materials are never defect-

free, and typical defects such as dislocations and impurities tend to lower the melting 

temperature [60]. It is important to note that an inevitable extrinsic defect in real world 

is the free surface, and several studies have shown that, the phase-transition temperature 

can be depressed or the solid can be superheated when the surface conditions are 

modified [61-64]. Some research results have shown that, a perfect crystal without a 

surface can be superheated substantially above its thermodynamic melting point [65, 

66]. Actually, HT situation can cause the surface roughness due to the Si desorption 

from SiC surface in experimental study, or the migration of surface atoms during HT 

annealing process [67]. The similar results in our simulation are shown in section 3. 

The previous experimental work by Nipoti et al. [68, 69] showed that the annealing 

temperature range could be selected at 1600 ~ 2100 ℃, which is about 1000 ~ 1500 K 



lower than 𝑇𝐷 . Here we take 3300 K as the annealing temperature (provided as 

Supplementary information for the choice of HT implantation and annealing 

temperature in detail). Tersoff potential function modified by ZBL provides a good 

equilibrium property and can describe the phase transition of materials accurately. In 

addition, the threshold energy of SiC atom calculated by Tersoff potential function is 

basically consistent with the experimental results [70]. The accuracy of the calculation 

of threshold energy is one of the key conditions for the accuracy of calculation in the 

process of cascade collision during implantation. Moreover, Lampin [52] confirmed 

that the recrystallization rate calculated by Tersoff potential during recrystallization has 

a linear relationship with the experimental data and hence it is the obvious choice for 

performing the implantation and annealing simulations. 

Effective method to identify substituted Al atoms 

This section focused on the statistical substitution of Si sites by Al doping atoms. The 

recognition of substitutional atoms or interstitials in OVITO is usually realized by the 

so-called "Wigner Seitz defect analysis" (WS analysis). This method compares the 

number of atoms in the same Wigner-Seitz cell in the defect-free reference lattice and 

with the numbers for subsequent simulations. If there is more than one atom in the in-

situ Wigner-Seitz cell, the position is marked as an interstitial [71]. Therefore, when the 

lattice’s fluctuations is not large compared to the initial structure during simulation, the 

WS method can accurately identify point defects. However, noted that as for 

implantation process, the evolution process of NCDS atoms identified by IDS and 

interstitials obtained by WS analysis are shown in Fig. 9. When the first ion bombards 

the sample, the volume per atom fluctuates greatly, which makes the concentration of 

interstitials even more than that of subsequent ion implantations with a value of almost 

2.1 ×  1022 cm-3, which shows the distinct calculation deviation by WS method. 

Although relaxation results in a rapid interstitials’ reduction, such a large fluctuation 

will affect our statistical overview of the whole doping process. Therefore, it is 

unreasonable to use the WS analysis as a basis to judge the existence of interstitials in 

heating-related simulation, i.e., the WS method is not perfectly suitable for ion 

implantation and high temperature (HT) annealing process. IDS method calculates the 

local crystal structure, which is much suitable for the NCDS defect calculation, as 

shown in Fig. 9. (The details’ comparison of IDS and WS analysis during HT dynamic 

simulations was shown in Supplementary information for a more intuitive instructions). 

Accordingly, local structure capture combined with IDS was used to identify 

interstitials and vacancies. Echoing with Fig. 1, an interstitial was determined if there 

is an extra atom sitting around a cubic diamond structure (CDS) atom within a radius 

of 2.1 Å. The cutoff value of 2.1 Å was determined empirically by conducting the 

different radius and finding the range of values which give no significant difference in 

simulation results. Based on this, we judged bond-creation through the change of 

distance. When the atom pair is sufficiently far away, it means the bond breaks. The 

above stipulation is reasonable due to the covalent interaction between SiC atoms 

without long-range Coulomb force. 



Basically, the electrical activation is referred to as: implanted ions will occupy the 

targeted lattice sites at the end. Hence, we consider the Al atoms that replace the Si 

lattice position as the Al atoms which contribute to effective doping. As shown in Fig. 

10, the first nearest neighbor atom should be four CDS C atoms if the CDS Al atom is 

regarded as the central atom following this definition. It should be mentioned that the 

actual simulation results (will be discussed in section 3) showed that, more Al atoms 

were recognized as the 2nd neighbors of CDS after annealing, which means that the 

substituted Al atoms lost one or more of their 1st neighbors (C atoms). In particular, the 

configuration of a substitutional Al on a Si site with an adjacent VC (namely, AlSiVC 

center) was characterized by Wang et al. [91]. The theoretical results illustrate that the 

donor features (which is in contrast to the acceptor role of substitutional Al, i.e., AlSi) 

of AlSiVC may cause a low hole concentration and electrical activation in Al-doped 3C-

SiC [91]. Furthermore, the first-principles calculation was used to calculate the band 

structure of substitutional Al with one carbon divacancy around it (AlSi-diVC). The 

calculation results show the defect levels of AlSi-diVC are below the conduction band 

minimum (CBM), which reflects the same donor roles as AlSiVC configuration (see 

Supplementary information for the detailed discussion of DFT calculation). 

Accordingly, to supplement the above theoretical findings and compare with MD 

results, we considered to classify the “doping efficiency” into “perfect substitution” and 

“general substitution”. Doping efficiency of perfect substitution is defined as: 

𝜂𝑃𝑒𝑟𝑓𝑒𝑐𝑡 =  (
𝐶𝐷𝑆𝐴𝑙

𝑇𝑜𝑡𝑎𝑙𝐴𝑙
) × 100%                                           (10) 

and the case of general substitution is defined as: 

𝜂𝐺𝑒𝑛𝑒𝑟𝑎𝑙 =  (
𝐶1𝐴𝑙+𝐶2𝐴𝑙+𝐶𝐷𝑆𝐴𝑙

𝑇𝑜𝑡𝑎𝑙𝐴𝑙
) × 100%                                    (11) 

where 𝐶1𝐴𝑙  and 𝐶2𝐴𝑙  are the 1st neighbor CDS Al and the 2nd neighbor CDS Al, 

respectively. 𝐶𝐷𝑆𝐴𝑙 reflects CDS Al without the loss of C atoms, and 𝑇𝑜𝑡𝑎𝑙𝐴𝑙 refers 

to the total number of doped Al atoms. A more detailed discussion of doping efficiency 

in this simulation will be given in section 3.3.  

Results and discussions 

Implantation-induced damage 

Amorphous atoms can be regarded as NCDS atoms caused by a displacement cascade, 

which caused the quality of the surrounding lattice structure to deteriorate. Fig. 11 

shows the amorphization process during implantation at 293 K. The vertical distribution 

and area of damage are given by (1 1 0) side central section. In conjunction with Fig. 

11, the damage evolution with different ion doses is shown in Fig. 12. Since the ions 

are implanted one by one until the highest dose (i.e. 5 ×  1014 cm-2), the damage 

evolution can be obtained under a continuous dose. An interesting phenomenon 

noticeable from Fig. 12 is the curve of NCDS carbon versus dose being approximately 

linear for the whole process, while the difference of the two curves (i.e., NCDS carbon 



vs dose and NCDS silicon vs dose, respectively) seems to "saturate" when reaching 

about 3.12 × 1014 cm-2. As the amorphized layer becomes more and more uniform, we 

speculate that when the dose continues to further increase, the concentration of 

damaged atoms of C and Si sublattice eventually becomes saturated. Zhang et al. 

conducted damage accumulation in 4H-SiC, found a sigmoidal dependence on dose 

[72]. In general, the displacement of C atoms caused by collision cascades is more 

obvious than that of Si atoms, with threshold displacement energy of 20 and 35 eV, 

respectively [73]. The saturation of relative Si disorder means a more serious damage 

caused by cascade bombardment, which would affect the repair effect of subsequent 

annealing. 

To investigate structural changes of the workpiece during implantation, radial 

distribution function g(r) (RDF) at elevated doses was calculated. Based on the doping 

depths given in Fig. 5a (implant dose: 4.06 × 1014 cm-2), we selected a rectangular 

region with a depth of 5 nm and a 8 nm × 8 nm implanted region for RDF. As seen in 

Fig. 13, the first peak represents the bonding strength between the nearest neighbor 

atoms. The deep trough between the first and second peak indicates that the atoms are 

connected in the form of covalent bonds, and the first peak corresponds to equilibrium 

bond lengths of 1.875 Å between C-Si in a basic tetrahedral structure, which also 

proved the rationality of our choice of 2.1 Å as the cutoff to determine the interstitials. 

Evidently, with increasing dose, the peak intensity keeps decreasing, indicated that 

implantation has caused a decrease in the bonding strength between atoms, and the rise 

of troughs indicated the gradual destruction of covalent bonds. In addition, the 

formation of the C-C bond was confirmed to be due to the embryonic peak at inter-

atomic distance of 1.575 Å, which was growing up with the increase of doses. Chavoshi 

et al. [33] reported the formation of C-C bond in 3C-SiC during nanometric cutting, 

and the equilibrium bond length they measured was at 1.45 Å. The C-C peak reflected 

the appearance of C interstitials in the basic tetrahedral structure. 

Structural evolution during annealing recrystallization 

Fig. 14 shows the recrystallization process under different doping doses (2.35 ns, 3300 

K HT annealing). It can be seen that the residual damage area remained below the 

subsurface of the lattice for doses not exceeding 4.06 × 1014 cm-2 (Fig. 14a ~ d) after 

annealing. However, the free surface failed to form a closed crystal plane under the 

same annealing conditions when subsurface damage was homogenized in the highest 

dose (Fig. 14e). We choose one of the representative implantation dose models, that is, 

implantation at the dose of 4.06 × 1014 cm-2 model that just formed a closed crystal 

surface after annealing, to clarify the mechanism of lattice recrystallization. 

Fig. 15 and Fig. 16 reveal the annealing process details after implantation at the dose 

of 4.06 × 1014 cm-2. As for angle distribution, Si-C-Si represents the angle between C 

atom and surrounding Si atoms, and vice versa. As shown in Fig. 16, both Si-centered 

and C-centered structures have a more concentrated angular distribution after annealing, 

which is manifested in enhancement of peak intensity and narrowing of width. The 

damage peak between 60 ° and 80 ° represents a degree of disorder of C atoms around 



Si, which also weakened after annealing. The increase of bond angular strength of 

perfect tetrahedral arrangement (i.e., 109.47°) also implies an increase of crystalline 

concentrations in the implantation region during annealing process. The region where 

concentrated residual damage remains inside the workpiece, is about 2 ~ 3 nm below 

the surface, as seen in Fig. 15. The repair of crystal lattice always starts from the 

interface of the amorphous-crystalline region, i.e., recrystallization always wrapped 

around subsurface and bottom boundary then grew toward damage center, which is a 

novel insight compared to the results observed by Xiao et al. [74]. One reason is that 

the cascade collision is often occur inside lattice, which causes displaced defects are 

mainly distributed at a certain depth below the surface. 

Another phenomenon should be concerned is that implantation-induced defects often 

segregate inside the implanted region during annealing, and may introduce additional 

stress, leading to the formation of new dislocations or stacking faults [67]. Hence, we 

then illustrated the distribution of structural transition atoms during annealing at 0.5 ns 

with a dose of 5 × 1014 cm-2 using the construct surface mesh algorithm [75], as shown 

in Fig. 17. Only the interface area surrounded by NCDS atoms and diamond 

configuration atoms undergoing structural phase transition is retained. It can be seen 

intuitively that some atoms in the interface region have transformed from zinc blende 

structure to a hexagonal diamond structure. In fact, five different dose annealing models 

all had phase-transition at damage interface region. Moreover, the proportion of phase 

transition atoms in interface region increased with increasing implantation dose. In 

addition, using the dislocation extraction algorithm (DXA) [76, 77], we found some 

unnamed dislocations and 1/4 <110> partial dislocations at damage boundary in the 

annealing models with doses of 4.06 ×  1014 cm-2 and 5 ×  1014 cm-2, and no 

dislocation was found in the other three doping doses. The appearance of interface 

dislocations reflects the lattice mismatch caused by high-dose implantation, which is in 

common with previous experimental studies [78-80]. Furthermore, another important 

question for manufacturing SiC-based devices is their resistance to radiation damage 

such as displacement effects [81]. Here the distribution of hydrostatic stress was used 

to evaluate the displacement effects at different doping doses before and after HT 

annealing, as shown in Fig. 18. It can be seen from Fig. 18a that the evolution of stress 

distribution that the damaged area presented a particularly high "squeeze" (represented 

by negative values) due to the existence of interstitials, i.e., stress concentration in 

implanted region is mainly caused by displacement NCDS interstitials, while 

contributions of implanted Al are negligible. The whole of undamaged atoms were 

subjected to tensile stress. Among them, the structure identified by IDS as CDS 

neighbors was in the interface area, and the corresponding stress value is near 0 GPa. 

Noted that the tensile stress on the crystallized part of workpiece was released after 

annealing and maintained at around 0 GPa, as shown in Fig. 18b.  

It is natural to speculate whether there is a relationship between the appearance of 

structural phase transition atoms and compressive stress. In view of this, we quantified 

the variation of average compressive stress (absolute value) in implantation-induced 

damage region and concentration of phase transition atoms with different doses. As is 

evident from Fig. 19, the residual damage regions of four doses (except for the implant 



dose of 5 × 1014 cm-2) show a higher compressive stress than before annealing due to 

the formation of the closed crystal surface. On the contrary, the compressive stress is 

released for the dose of 5 × 1014 cm-2, i.e. no concentrated internal stress is formed 

because the annealed new born crystals fail to form a closed surface. However, the 

evolution of phase transition atoms shows an opposite trend: the number of phase 

change atoms increases dramatically after annealing at high doses (4.06 & 5 × 1014 

cm-2). The evolution of phase transition atoms is more related to the degree of lattice 

recrystallization rather than the concentration (or release) of stress. It can be speculated 

that when the lattice is well-repaired after HT annealing, the increase of phase transition 

atoms will be effectively suppressed, while additional stress will be introduced at the 

same time. Therefore, it is necessary to properly extend the annealing time in 

experiment to decrease the concentration of inner residual defects. A wealth of literature 

indicates that recrystallization process after annealing may cause crack propagation in 

the crystal lattice. In experimental research of recent years, Jones [82, 83] uncovered 

an interstitial type dislocation called end-of-range (EOR) damage through TEM 

micrographs, just below the crystalline / amorphous interface by Ge+-implanted silicon. 

Ye et al. [84] illustrated recrystallization process of carbon irradiated 6H-SiC, and found 

the volume shrinkage and the anisotropy of the new born crystal during annealing 

process generated internal stress, which not only produced a large number of dislocation 

walls but also caused the initiation and propagation of cracks. Hence, the crack 

propagation or glide of pre-existing basal-plane dislocations can be suppressed by 

improving the temperature gradient inside the annealing furnace in actual processing 

[85]. Obviously, the fewer annealing residual defects is more beneficial to reduce crack 

propagation. Based on the above phenomenon, here we predict that preventing 

preferential crystallization of the surface and the formation of residual damage can 

suppress the additional concentration of internal compressive stress, thereby reducing 

the occurrence of dislocation slip in actual processing. 

Further enhancement of lattice quality and doping efficiency 

Previous work has shown that the amorphous state of implanted region is difficult to be 

annealed out [67] with a high dose implantation. Because of complex polymorphs and 

low stacking fault energy in SiC, it is very important to maintain the original crystal 

structure during ion implantation [7, 86, 87].  Therefore, the evolution of lattice 

damage and the substitution of Al at HT implantation was explored. The doping 

temperature was increased to 873K, 1273 K and 1973 K under the same other 

conditions, and the workpiece was cooled to RT at the end of subsequent annealing 

process. 

HT implantation causes more damage than that at RT when dose is low, as seen in Fig. 

20, due to the appearance of amorphous atoms on the surface when relaxation 

equilibrium is carried out at HT conditions. The increase of dose aggravated the 

difference in the concentration of NCDS atoms between HT implantation and RT 

implantation. From this point of view, HT implantation is more friendly for high dose 

doping. The additional evidence for the difference of lattice quality after post 



implantation annealing (implant dose: 5 × 1014 cm-2) was generated by selected area 

electron diffraction (SAED) patterns by the computed SAED feature [55] of LAMMPS, 

as shown in Fig. 21. The value of the parameter c in this algorithm controls the spacing 

and resolution of reciprocal lattice, and the simulated electron radiation acceleration 

voltage was selected as 200 kV [88]. We selected the same region as the calculated RDF 

to characterize the virtual SAED. The diffraction intensity pattern was obtained at the 

intersection of the reciprocal lattice mesh and the surface of the Ewald sphere with a 

thickness of 0.01 Å. In terms of repair results of concentrated damage area, the SAED 

patterns of HT implantation is obviously better than that of RT implantation, i.e., the 

degree of amorphization reflected by the SAED patterns has a good corresponding 

relationship with the concentration of NCDS atoms at the highest dose (5 × 1014 cm-

2) shown in Fig. 20. 

In addition, we investigated the doping efficiency at different implantation temperatures, 

as Fig. 22 shows. On the one hand, echoing with Fig. 20, we considered the degree of 

lattice damage influencing doping efficiency significantly in low-dose-implanted 

annealing. For low-dose implanted annealing, such as in the cases of implant dose of 

1.25 × 1014 cm-2, HT implantation is not necessary and may even lead to the decrease 

of both general and perfect substitution efficiency. Comparing the substitutions of the 

two cases, it is noted that in addition to the difference in efficiency (25% ~ 60% for 

general substitution, and 2.5% ~ 18% for perfect substitution), the trends in these two 

cases are almost the same, i.e., the substitution yield shows a strong correlation with 

the dose at both HT and RT implanted-annealing, and high-doses implantation have led 

to a substantial decrease in the proportion of substituted Al atoms. There is a similar 

phenomenon in the experiment e.g., Saks et al. [16] obtained only 6% ~ 35% of Al 

electrical activation rate at 4.25 ×  1015 cm-2 dose at 650 ℃  implantation with 

subsequent annealing at 1700 ℃ for 30 min. The low percentage of perfect substitutes 

illustrates that most of the Al atoms occupying Si sites are surrounded by C vacancies. 

Some theoretical calculation literatures explain the reason for this phenomenon. For 

instance, Gali et al. [89] reported the situation in 4H-SiC obtained by ab initio 

calculation, showed some kind of VC can be trapped by substitutional Al even after very 

high temperature annealing. Moreover, first-principles calculation results [90, 91] 

indicate that AlSiVC shows a lower formation energy than that of either a VSi or a VC in 

3C-SiC. On the other hand, the results in Fig. 22 indicates that 1273 K implanted-

annealing gets the highest general doping efficiency, while 873 K gets the highest 

perfect doping efficiency in almost all doses (especially at the dose of 2.18 and 3.12 × 

1014 cm-2), and the difference between the doping efficiency obtained from HT and RT 

implanted-annealing becomes smaller as the dose increases. From perfect substitution 

situation it can be found that there is no correlation between the existence of VC around 

Al and the implantation temperature (e.g., the perfect substitution of 1273 K 

implantation gets the lowest efficiency under a dose of 4.06 and 5 ×  1014 cm-2 

comparing with the other three implantation situations). The two results of perfect 

substitution and general substitution in Fig. 22 both showed that the overall substitution 

concentration is gradually increased although the doping efficiency dropped with the 

ion dose. Comparing with the results of RT implantation, the HT implantation does not 



obvious improve the doping efficiency. Kimoto's experimental study [67] shows that 

the situation is significantly changed: the electrical activation of Al ions can be greatly 

improved under HT conditions when the dose larger than 1015 cm-2, compared with RT 

implantation. However, this phenomenon was not observed at the dose range in our 

current simulation (1.25 ~ 5 × 1014 cm-2). It is worth mentioning that from the results 

of Fig. 20, the ion dose’s increase enlarges the difference of NCDS atom concentration 

between RT and HT implantation. Further MD simulation for the ion dose larger than 

1015 cm-2 will be performed in the near future. Therefore, from the above, it can be 

preliminarily believed that although HT implantation has a significant positive effect 

on the reduction of lattice damage at high-dose implantation (shown earlier in Fig. 20 

and Fig. 21), however, the less implantation-induced lattice defects does not mean the 

higher doping efficiency under the same annealing conditions. 

We now transition our focus to investigate the local structural configuration of Al atoms 

which are not eventually “sit” on the targeted Si sites. Taking 3300 K annealed model 

(after 1273 K implantation with a dose of 5 × 1014 cm-2) as an example, atoms within 

the certain cutoff radius were captured around each Al atom (Supplementary Fig. 9). 

When the cutoff is reduced to 2.1 Å, lattice structure of the nearest atoms around Al can 

be clearly obtained. Rectangular box shows the local detail of the residual damage 

region (which can be clearly distinguished from Supplementary Fig. 9a and Fig. 9b) 

after HT annealing. It can be noticeably seen that there is almost no crystal structure 

around Al atoms in the high damage concentration region, but full of disordered 

interstitial C atoms. Aside from these observations, there are two kinds of Al atoms 

around the damage concentration region. One is the perfect substituted Al atoms, which 

presents a tetrahedral supercell structure with four C atoms around it, as shown in the 

detail drawing of circle box. Another common configuration of Al is as the interstitial 

configuration, i.e., an impurity Al atom occupies a tetrahedral interstitial site (form 

bonds with the surrounding four C atoms, namely AlTC), as shown in the oval box 

(different directions of the same configuration). However, there are no AlTSi appear in 

all case. In order to investigate the reason for the common existence of such interstitial 

Al structures in 3C-SiC, the formation energy (∆𝐸 ) was roughly defined (since the 

limitation of characterize chemical potentials and electrons in MD) according to the 

following formula: 

∆𝐸 = 𝐸𝑑𝑒𝑓𝑒𝑐𝑡 −
𝑁𝑑𝑒𝑓𝑒𝑐𝑡

𝑁0
× 𝐸𝑝𝑒𝑟𝑓𝑒𝑐𝑡                                      (12) 

where the 𝐸𝑑𝑒𝑓𝑒𝑐𝑡 and 𝐸𝑝𝑒𝑟𝑓𝑒𝑐𝑡 are the total energies of defective (containing defects) 

and perfect 3C-SiC after energy minimization. The 𝑁𝑑𝑒𝑓𝑒𝑐𝑡 and 𝑁0 are the number 

of atoms in defective and perfect systems (perfect 3C-SiC supercell containing 8000 

atoms, with periodic boundary conditions in three directions). The calculation results 

are shown in Table 3. Combining with the configuration shown in Supplementary Fig. 

9, it can be seen that, although the ∆𝐸 of AlTC is higher than AlSi, it is difficult to anneal 

out due to the stable tetrahedral structure with the surrounding four C atoms, which 

seriously affects the doping efficiency. 

 

Table 3 



Formation energies of some typical defective structure shown in MD simulation. 

Structure  MD estimation 

results (eV) 

DFT calculation 

results (eV) [90] 

AlSi 2.53 1.36 ~ 1.87 

AlTC 6.29 6.12  

AlTSi 8.56 8.26 

 

Another point of interest is the introduction of defects at HT conditions. The difference 

from previous research is that, Kimoto et al. [92] were focused on defects induced by 

annealing temperature, while the main purpose of this part of our simulation is to 

explore whether the implantation temperature has a significant effect on the annealing-

induced defects under the same annealing conditions (see Supplementary information 

on how to determine the annealing-induced defects). The percentage of C-related 

annealing-induced defects (i.e., the carbon interstitials counted by the cutoff radius 2.1 

Å, which would be assigned as “other” structure type by IDS scheme) is shown in Fig. 

23. Both for RT and HT implantation, a trend of decreasing annealing-induced damaged 

C with dose shown in Fig. 23 indicates that, the more defects in the lattice, the less 

defects formed by annealing, which is one of another reasons why HT implantation is 

usually more beneficial to high-dose conditions. The annealing-induced defects were 

always higher for HT implantation than that for RT implantation except for the lowest 

doping dose. Previous study [67] indicated that HT process such as annealing can easily 

cause the formation of high-density deep levels, which reduces the carrier lifetime, and 

these major deep levels produced by ion implantation originate from intrinsic defects. 

Furthermore, a regular phenomenon shown in Fig. 23 is that HT-implanted annealing 

will increase the proportion of defects such as VC i.e., the higher the implantation 

temperature, the higher proportion of defects introduced by equal condition annealing. 

This is one of the reasons why the implantation temperature should not be too high in 

the experiment.  

Conclusion 

Although there are abundant literatures on p-type doping process of the third-generation 

semiconductor material SiC, research on the build of atomic-scale theoretical model of 

p-type doping is still in the blank stage, which leads to a lack of understanding on the 

picosecond and nano scale defect formation under p-type doping. Based on this, we 

established the implantation and subsequent annealing models of Al doped 3C-SiC by 

MD simulation, and the process of recrystallization during annealing, the relationship 

between doping efficiency and implantation temperature with different doping doses 

was explored. The main conclusions can be drawn as follows: 

1 The degree of amorphization can be judged by the increasing rate of damaged Si 

atoms. When the curves of the damaged Si and C atoms are nearly parallel to each 

other, it represents the formation of highly concentrated amorphous regions 

(although the complete amorphization threshold of the damaged region is not 



reached), such an existence of residual defects after annealing will seriously restrict 

the fabrication quality of SiC devices. In the damage region formed by implantation, 

the compressive stress is concentrated due to the concentration of a large number 

of interstitial particles, and the atoms in non-damaged region are subjected to 

tensile stress. 

2 Annealing of different doping doses gives us a new understanding of the 

recrystallization process. Compared with previous reports, the simulation results 

show that the recrystallization always occurs in the region below the subsurface, 

and the crystallization process proceeds from the damage interface to the damage 

center region, always tends to form a closed crystal surface. Under the trend of 

surface recrystallization, more compressive stress concentration, structural phase-

transition atoms and dislocation structures grow in damage interface region. This 

is one of the reasons why a large number of cracks and dislocation propagation 

appear in annealed SiC after implantation in pervious experimental studies. Based 

on this observation in our MD results we predict that preventing preferential 

crystallization of the surface can suppress the additional concentration of internal 

compressive stress, thereby reducing the occurrence of phase transition structures 

and dislocation slip in actual processing. 

3 The advantages and disadvantages of HT implantation compared with RT 

implantation were explored. With the increase of dose, the doping efficiency of RT 

implantation decreased step by step (from ~ 60% to ~ 25%), and it should be 

mentioned this holds for a certain annealing process. For low-dose implantation, 

more implantation-induced defects limit the doping efficiency. Correspondingly, 

the correlation between lattice damage and doping efficiency becomes weaker as 

the implant dose increases under the same annealing conditions. Hence, the 

optimization of annealing conditions for high-dose implantation is worth exploring 

(this will be expanded in future studies). 

4 The proportion of VC formed by post annealing at HT implantation is always higher 

than that of RT implantation. This evidences that the implantation temperature 

should not be too high in the experiment, which also confirms that carrier lifetime 

killer, i.e., deep level defects, are easier to form at HT conditions. 
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Fig. 1 Essential tetrahedral geometry of SiC [36]. If the central atom 

is silicon, remaining four represent carbon, and vice versa.

Fig. 2 Ion implantation model of 3C-SiC. The Newtonian layer is colored according to 

atomic type (silicon atoms shown in blue and carbon atoms shown in black).

Fig. 3 Variation in the total energy, potential energy and damage atoms counts from Elstop-off and Elstop for 5 keV single-ion implantation. The orange area 

represents the cascade collision stage, and the blue area represents the damage self-recovery and stability stage. The triangle represents the Elstop 

implantation and the circle represents the Elstop-off implantation. Due to the use of adaptive timestep, the sampling frequency in collision stage is higher than 

that in subsequent self-recovery stage. 

0 0.2 0.4 0.6 0.8 1 1.2

Time (ps)

-6.758x106

-6.756x106

-6.754x106

E
n

er
g

y
 (

eV
)

0 0.2 0.4 0.6 0.8 1 1.2

Time (ps)

-6.758M

-6.756M

-6.754M

 Potential energyelstop-off 

 Potential energyelstop

E
n

er
g
y
 (

eV
)

 Total energyelstop-off 

 Total energyelstop

5KeV

0

5E+18

1E+19

1.5E+19

2E+19

 NCDS atomselstop-off

 NCDS atomselstop

N
C

D
S

 a
to

m
s'

 d
en

si
ty

 (
cm

-3
)

5KeV

0

5x1018

1x1019

1.5x1019

2x1019

N
C

D
S

 a
to

m
 d

en
si

ty
 (

cm
-3

)



 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 4 Average temperature of NCDS atoms and their fitted curve (with confidence bounds> 98%) during fast and slow recovery.
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Fig. 5 (a) Damage distributions and (b) Al ions range derived from MD method results and Monte Carlo method (SRIM simulation).
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Fig. 7 The variation of atomic coordination number less than 4 in 3C-SiC, before and after decomposition during superheating process.  

Fig. 6 XRD spectra of 3C-SiC before and after decomposition at the 1st energy transition node temperature 𝑇1. 
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Fig. 8 Temperature hysteresis in energy per atom upon superheating and decremental 

cooling in isothermal–isobaric ensembles. 
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Fig. 9 The concentration of interstitials identified by WS analysis during implantation is compared with NCDS atom concentration obtained 

from IDS method.

Fig. 10 Schematic diagram of substitution process of Al atom for effective doping.



 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 11 Snapshots at various stages showing amorphization activity of 3C-SiC during ion energy deposition at 293 K with increasing dose, i.e. (a) 1.25 × 1014 cm-2, (b) 2.18 × 1014 

cm-2, (c) 3.12 × 1014 cm-2, (d) 4.06 × 1014 cm-2, (e) 5 × 1014 cm-2, respectively. Scale bars, 2 nm. Atoms are colored by IDS method.

Fig. 12 Relative disorder of implanted area for 3C-SiC irradiated with Al ions at 293 K with doses up to 5×1014 cm-2. 

The continuous horizontal line shows the atomic concentration of the crystalline material as a reference.
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Fig. 14 The cross-sectional (1 1 0) side view of the final lattice structure for different doping doses after 2.35 ns uniform-condition annealing: (a) 1.25 × 1014 cm-2, (b) 2.18 × 1014 

cm-2,  (c) 3.12 × 1014 cm-2, (d) 4.06 × 1014 cm-2, (e) 5 × 1014 cm-2, respectively. Scale bars, 2 nm.
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Fig. 13 Radial distribution function of the Al-doped silicon carbide at incremental doses. 



 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 16 C-Si-Si and Si-C-Si angle distribution before and after 2.35 ns, 3300 K annealing, 

with a dose of 4.06 × 1014 cm-2.
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Fig. 17 Distribution of structural transition atoms of (0 0 1ത) side view 

during 3300 K annealing at 0.5 ns with a dose of 5 ×  1014 cm-2 

(surface mesh of damage area was constructed using Alpha-shape 

method, with a probe sphere radius of 1.875 Å). Only hexagonal 

diamond structure atoms are retained.

Fig. 15 (1 1 0) side perspective view of recrystallization process under 3300 K, with a doping dose of 4.06 × 1014 cm-2. Scale bars, 2 nm. 



 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 18 Hydrostatic stress distribution under different doping doses, (a) before and (b) after 2.35 ns, 3300 K annealing (unit: GPa). The doses 

corresponding to labels 1-5 are 1.25, 2.18, 3.12, 4.06 and 5 × 1014 cm-2, respectively. The local details of implantation-induced damage are 

given under the dose of 3.12 × 1014 cm-2. Scale bars, 2 nm. Cross-sectional view in (110) direction was adopted. 

 



 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 19 The variation of average compressive stress (absolute value) in the RT implant-induced damage 

region and concentration of phase transition atoms with different doping dose before and after 2.35 

ns annealing at 3300 K. Red dot chart represents the phase transition atoms, and black dot chart 

represents the average stress. The two different shape is used to distinguish the state before and after 

annealing. 
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Fig. 20 The NCDS atom concentration of implanted area evolves at different implantation temperatures. Note that 

as for HT implantation, the NCDS atoms of the undoped workpiece all caused by the vigorous activation of surface 

atom migration under HT conditions (corresponding to the dose of zero). The continuous horizontal line shows 

the atomic concentration of the crystalline material as a reference.
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Fig. 21 SAED patterns of SiC aligned with the (010) orientation after post implantation annealing (2.35 ns, 3300 K HT annealing). (a) post RT-implantation annealing, 

(b) post 873 K implantation annealing, (c) post 1273 K implantation annealing, (d) post 1973 K implantation annealing, with a dose of 5 × 1014 cm-2 in all cases, 

and (e) before implantation as a reference.



 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 22 Implant-dose dependence of doping efficiency (see eq. 1 and eq. 2) of (a) perfect and (b) general substitution at RT and 

HT implantation with subsequent 2.35 ns, 3300 K annealing. The inset in (a) shows the evolution of doping efficiency of Al atoms 

in the same implant conditions (as the highest dose RT implantation produces the most local damage, the certain data is used as 

an illustration to intuitively reflect the situation that NCDS atom concentration and doping efficiency gradually reach the final 

saturation state during annealing), the inset in (b) shows the evolution of NCDS atom concentration during the whole annealing 

process, after 293 K implantation with the dose of 5 × 1014 cm-2. Due to the smaller sample amount of Al atoms than NCDS 

atoms, the doping efficiency evolution curve fluctuates more. We average the last 100000 iterations relaxation after cooling to 

RT to obtain the final doping efficiency with error bars. 
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Fig. 23 The percentage of annealing-induced C defects at RT and HT implantation with different doping doses.
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