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Abstract

In the last few decades, nanostructuring has driven significant attention towards the development of
novel metallic materials with advanced mechanical properties. Nanocrystalline (nc) metals are a class of
nanostructured materials with grain sizes smaller than about 100 nm. These exhibit outstanding
mechanical strength and fatigue properties compared to their coarse-grained (cg) counterparts. These are
promising candidates for application as structural or functional materials. Nc metals in the form of thin
films are employed as hard coatings on bulk components, structural components, and conductive layers in
various micro-/nanoscale devices. These structural components and devices are often subjected to cyclic
stresses or fatigue loading. Under these cyclic stresses, nc metals tend to exhibit the Bauschinger effect
(BE). The strength loss during the BE is of great importance concerning the strength-ductility trade-off in
nc metals. Furthermore, contact surfaces of the engineering components in service often undergo relative
motion and are subject to both friction and wear. These extreme loading conditions demand nc metals with
tailored interfacial characteristics for improved tribological performance. Aiming at ensuring high
reliability and mechanical robustness for optimum performance of these components, there has been a
strong motivation for understanding the mechanical properties and governing deformation mechanisms
in nc metallic materials. This thesis aimed at in-depth investigation of microstructures at micro-
/nanoscales using state-of-the-art in situ and ex situ transmission electron microscopy (TEM) to develop a
closer link between the deformation structure and underlying deformation mechanisms in some nc
metallic materials.

The thesis has primarily focused on the in situ TEM nanomechanics of the BE and rotational deformation
of grains in nc palladium thin films. A sputtered thin film of nc Pd was deformed inside TEM by cyclic
loading-unloading experiments and the evolving microstructure was studied in real-time under different
TEM imaging modes. The stress-strain response of the film exhibited a characteristic non-linear unloading
behavior confirming the BE in the film. The corresponding bright-field TEM imaging revealed evidence of
partially reversible dislocation activity. Towards a quantitative understanding of the deformation structure
in real-time, in situ nanomechanical testing was coupled with precession-assisted automated crystal
orientation mapping in scanning TEM (ACOM-STEM). Global ACOM-STEM analysis offered crystal
orientation of a large number of grains at different states of deformation and confirmed partially reversible
rotations of nanosized grains fitting to the observed BE during loading and unloading. Analysis of
intragranular rotations showed substantial changes in the sub-structure within most of these grains
indicating a dominant role of dislocation-based processes in driving these rotations. Globally, an unusually
random evolution of texture was seen that demonstrated the influence of deformation heterogeneity and
grain interactions on the resulting texture characteristics in nc metals. In the quest of understanding the
grain interactions, local investigations based on annular dark-field STEM imaging during loading-unloading
showed reversible changes in the contrast of grains with sets of adjoining grains exhibiting a unique
cooperative rotation. Local analysis of the density of geometrically necessary dislocations (GNDs) showed
the formation of dislocation pile-up at grain boundaries due to the generation of back-stresses during
unloading. Critical observations of the evolution of GND density offered greater insights into the
mechanism of cooperative grain rotations and these rotations were related to grain structure and grain
boundary characteristics.

In addition to understanding the influence of grain structure and grain boundaries, the thesis has further
investigated the role of heterointerfaces in sputtered Au-Cu and Cu-Cr nanocrystalline multilayered
composites (NMCs) deformed under cyclic sliding contact. The microstructural evolution in the NMCs was
investigated at different deformation states by classical TEM imaging, ACOM-STEM as well as energy-
filtered TEM (EFTEM). Au-Cu NMC with an initial high density of twin boundaries deformed by stress-
driven detwinning with a concurrent change in grain structure in both Au and Cu. The formation of a vortex
structure was observed due to plastic flow instabilities at Au-Cu interfaces that led to codeformation and
mechanical intermixing. Cu-Cr NMC showed a preferential grain growth in Cu layers whereas no noticeable
change in the grain sizes was seen in Cr layers. The phase maps revealed sharp interfaces between Cu and
Cr layers indicating no intermixing between the immiscible phases. EFTEM results exposed the cracking
processes in Cr layers with a concurrent migration of Cu in the cracks. Overall, the thesis has attempted to
analyze the competing deformation processes and relate these with the microstructural heterogeneity in
terms of grain structure and GB and interfacial characteristics in nc metallic materials.
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1 Introduction

Metallurgy and metalworking have played a pivotal role in the evolution of human civilization since the
copper, bronze, and iron ages. The first copper processing based on smelting dates back to 5000 BC. Copper
and bronze were used for tools, arts, aesthetics, as means of payment, and household utilities. In the 4t
millennium BC, the metalworkers had already mastered the smithing of meteoric iron, an alloy harder and
more brittle compared to copper [1]. In the quest for stronger and more durable materials, early
blacksmiths invented steel in 1300 BC. Craftsmen in the 3rd century BC started smelting wrought iron with
charcoal to produce ‘wootz’ steel, which was followed by the emergence of tough and highly resilient
Damascus steel [2]. The advent of steam engines in the 18t century enabled the operation of blast furnaces
for the mass production of iron. Iron and steel-making boosted the industrial revolution. Today, steel
contributes to all sectors of the global economy. Modern steel-making technologies are aimed at
manufacturing products with reduced weight, costs, energy consumption, and CO; emissions. For light-
weight materials, the last two centuries have also seen the emergence of aluminum and titanium-based
alloys. These are key materials in the aerospace and defense sectors due to their high strength-to-weight
ratio. The technology of designing new metallic and composite materials with superior properties
continues to flourish (Figure 1-1). Since the end of the 20t century, metallic materials are used in chips for
computers and various nanoscale devices, e.g. in micro or nanoelectromechanical systems (MEMS/NEMS),
sensors, and actuators. Metals and alloys influence global trends including economy, public health,
agriculture, energy efficiency, and access, environment, and sustainability.

Light-weight Nanostructured Metals and Composites

Alloys

. Steel-making
() Iron Age

@ Bronze Age

© Copper Age

Stone Age

Figure 1-1 Upper: Depiction of the evolution of metal-making technology over the ages. From left to right: An inscribed copper plate (c.
2600-2000 BC) from Indus valley civilization [3]. A bronze statue (c. 2500 BC) of a dancing girl discovered at Mohenjo-daro, presently in
Pakistan [4]. 1600 years old corrosion-resistant iron pillar in Delhi, India [5]. An oil painting by E.F. Skinner showing the mass production
of steel (c. 1916) by Bessemer process at Penistone Steel Works, South Yorkshire, England [6]. A commercial Boeing 777 airplane
employing advanced titanium and aluminum-based alloys and composites [7]. A gold chip surrounded by a copper enclosure and gold
mesh used for quantum computing [8]. Lower: Materials science tetrahedron illustrating the relationship between process, structure,
property, and performance with an example of a commercial creep resistant titanium alloy for application in fan-blades of aero-engines
(Image courtesy: [9-12]).
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In the pursuit of designing novel metallic materials, the last few decades have witnessed a strong drive
towards the nanostructuring of metals and alloys. Nanocrystalline (nc) metals are a class of metallic
materials with structural features with dimensions in at least one direction of less than 100 nm [13-20].
Nc metals in the form of thin films are often employed as hard coatings on bulk components [21]. These are
used as structural components in MEMS/NEMS or as conductive layers in microelectronic devices [22,23].
Nc metals also received significant attention as bulk materials in the past four decades due to their
appealing mechanical properties [24-28]. They are well-known for their ultra-high yield [29-31] and
tensile [32] strengths, fracture strength and toughness [30,33-35], enhanced fatigue properties [33,36-
38], and superior wear resistance [39,40]. However, they typically also exhibit very limited ductility [35].
Figure 1-2 (a) shows the strength-elongation trade-off comparison of nc metals with classical ferrous and
non-ferrous alloys. Nc metals exhibit far superior strength compared to Al and Cu alloys as well as IF and
dual-phase steels. Their strength almost surpasses state-of-the-art martensitic and TWIP steels and
competes with that of metallic glasses. However, due to the limited ductility, the elongation to failure for
nc metals is considerably less compared to most of these alloys of commercial interest. Despite the
tremendous potential, this lack of ductility in nc metals limits their practical utility [15,19]. For their
practical utilization in engineering applications, efforts have been made to improve the ductility by a
variety of nanostructuring approaches [19,22,30,35,41-45]. These materials could serve as promising
components in upcoming applications like flexible displays, wearable electronics, electronic skins, or
flexible solar cells [16,17]. To ensure the high reliability and longevity of these components and devices in
service, a detailed understanding of the deformation characteristics in these materials is essential. This has
motivated strong research to investigate the mechanical properties and the underlying deformation
mechanisms in this class of materials.
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Figure 1-2 (a) Plot comparing the tensile strength versus elongation to failure of nanocrystalline metals with other materials (modified
from [46]), (b) schematic of a Hall-Petch plot showing the variation of yield strength versus inverse square root of grain sizes in coarse-
grain and nanocrystalline regime (concept adopted from [27,47,48]).

The macroscopic behavior and properties of materials are controlled by their structure at the meso- and
nanoscale down to the atomic scale (Figure 1-1). Reducing the grain size to the nano-scale regime as well
as increasing the fraction of defects has been proven to considerably influence the properties of materials.
For instance, as seen in the classical Hall-Petch plot (Figure 1-2 (b)), the yield strength of the material
increases as the grain size is reduced down to 100 nm or below. The increased fraction of grain boundaries
(GBs) in nc metals offers greater resistance to the motion of dislocations responsible for plasticity, thereby
leading to their enhanced strength. Thus, the microstructural characteristics become critical in controlling
the plastic deformation mechanisms and the resulting mechanical behavior of nc metals.
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To shape the final product and to modify the microstructure and thus the mechanical properties,
metallic materials are subjected to plastic deformation processes. The deformation processing routes
include forging, rolling, extrusion, sheet forming, wire drawing, pipe forming, etc. These operations involve
complex and often repetitive mechanical and/or thermal treatments of the materials. The stress-strain
relations are strongly influenced by the deformation history of the material. The stress-strain curve of a
metallic material generally exhibits an anisotropic flow behavior. This anisotropy becomes important as
the direction of loading is reversed during deformation e.g. during straining and compression. Due to the
anisotropy of plastic deformation, the flow stress during the reverse loading is found to be lower than that
during the loading in the forward direction [49]. This phenomenon of exhibiting a directionality in the
strain hardening is known as the Bauschinger effect (BE) [50].

Some of the important factors that need to be taken into account for the plastic working of metals include
strain-induced anisotropy (the deformation texture), latent work hardening, the evolution of defects, and
the BE [51]. Looking in particular at the BE, the strength of a component may be reduced considerably if
the operational stresses are in the reverse direction compared to the working stress during the production
of the component for materials exhibiting a strong BE. This strength loss during reverse deformation is of
practical significance, especially in the manufacturing processes that utilize cold forming methods [52]. The
BE is critical for several industrial applications and enormous efforts have been made to develop suitable
approaches or models for an in-depth understanding of the BE and various factors influencing it [53]. Apart
from the relevance of the BE for the plastic working of bulk components, it is also important for the
mechanical properties of nc thin metal films, e.g. during repetitive loading, which affects the performance
and lifetime of coatings and MEMS/NEMS devices. Therefore, an in-depth analysis of the BE and its origin
in nc thin metal films is essential for refining the current theories of plasticity to design materials with
superior mechanical properties [49].

Apart from the mechanical properties in the bulk, these become critical at the surfaces since the surfaces
and sub-surfaces of the components are exposed to different and often extreme loading conditions
compared to the bulk. The contact surfaces in devices and engineering components under relative motion
are subject to both friction and wear. The behavior of these components under frictional loading is
dependent on their mechanical and tribochemical properties as well as the microstructural characteristics
of their surfaces. Designing metals and alloys with improved tribological performance, while retaining
other properties like electrical conductivity becomes essential for device applications. For metallic
materials, surface nanostructuring has been proven to enhance their friction and wear properties. The
wear performance of nc metals is far better than cg metals. The ultralow wear rates in nc metals could be
achieved by improving their ability to resist sub-surface plastic deformation, nucleation of defects, and
ultimately the evolution of microstructures in response to cyclic sliding contact [54]. A promising approach
in this direction is designing multicomponent or multilayered composite thin films. The incorporation of
metal-metal interfaces offers the possibility to design materials with tailored mechanical and tribological
properties [55]. Understanding the tribochemical interactions and the underlying deformation
characteristics at metal-metal interfaces could benefit the design and manufacturing of robust
multicomponent or multilayered nanoscale devices.

This thesis is dedicated to the experimental investigation of plastic deformation mechanisms in
nanocrystalline (nc) metals and nc multilayered composite (NMC) thin films subjected to small-scale
deformation. To understand these mechanisms, the thesis primarily focuses on the evolution of
deformation structures at nanoscales using in situ and ex situ transmission electron microscopy (TEM)
techniques. From the TEM-based microstructural analysis, the thesis has attempted to explore plasticity
mechanisms associated with the BE in nc metal thin films. Furthermore, the thesis aims to understand the
elementary deformation mechanisms at the metal-metal interfaces under cyclic tribological loading that
lead to the evolution of unique microstructures in NMCs. With the state-of-the-art capabilities of the in situ
and ex situ nanomechanical testing and advanced electron microscopy tools, the thesis has attempted to
analyze the interplay of various deformation processes and build a closer link of these processes with the
nanostructures in materials. In a broader context, the thesis aims at developing an in-depth understanding
of the structure-property relationship at nanoscales for designing nanocrystalline materials with superior
mechanical characteristics.
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1.1 Nanocrystalline versus Coarse-grained Metals

Plastic deformation of metallic materials leads to a permanent change in their shape or dimensions in
response to an externally applied load. Plastic strain introduced in a material depends on the deformation
path and the defined stress state. The deformation behavior of materials is typically described based on the
stress-strain relationship. Understanding the deformation characteristics is critical for designing
deformation processing routes as well as for assessing the mechanical properties of materials for
engineering purposes.

The deformation characteristics of nc metals are significantly different from their coarse-grained (cg)
counterparts. As a comparison, Figure 1-3 shows schematically the engineering stress-strain responses of
an nc and a cg metal. A typical engineering stress-strain curve of a cg polycrystalline metal or alloy is
characterized by an elastic regime, followed by a transition to the plastic regime. Microplasticity
corresponds to all inelastic deformation processes that occur before the macroscopic yielding and is often
not detected by the conventional macroscopic mechanical testing methods [56,57]. This phenomenon is
attributed to plastic yielding, which is not initiated simultaneously in all the grains [58]. The yield strength
(oy) characterizes the onset of plastic deformation. In general, nc metals exhibit significantly greater yield
strength compared to their cg counterparts. However, in nc metals, deviations from the macroscopic linear
elastic behavior are observed at low stresses [56,58]. It is also noticeable that the inelastic deformation in
nc metals occurs over a wider range of strain before the macroscopic yielding. Thus, nc metals exhibit an
extended microplastic regime compared to their cg counterparts [58-64].
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Figure 1-3 Schematic of the stress-strain responses of nc (red curve) and cg (blue curve) metallic materials (concept adopted from
[56,58,65]).

The ductility of a metal is the ability to deform plastically without failure via fracture under tensile stress
[66]. It is controlled by the competing plastic deformation and fracture processes as well as the resistance
to plastic flow localization [43]. Nc metals tend to show limited ductility compared to their cg counterparts.
The reduced ductility of nc metals is associated with their limited strain hardening capacity that restricts
the uniform elongation and is potentially responsible for their plastic instability [66-68]. The lower strain
hardening is a direct consequence of the limited dislocation storage capacity due to very small grain sizes
[66].

1.2 Classical Deformation Processes in Metallic Materials

The plastic flow behavior of metals is controlled by the microscopic deformation processes. Deformation
by slip is a common mode of plastic deformation in metals. Deformation slip in metal single crystal involves
irreversible shearing of parts of a crystal over one another along specific crystallographic planes (slip
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planes) and along certain directions (slip directions) [69]. The observed shear strength required for the
slip process in a metal single crystal is lower than the ideal or theoretical shear strength due to the presence
of defects. Dislocations are line defects responsible for slip processes that lead to plastic deformation in
metals.

Polycrystalline metals and alloys consist of an aggregate of differently oriented grains, secondary
phases, or precipitates which are separated by extended defects like grain boundaries (GBs) and interfaces
(Figure 1-4). In addition, there are defects present within the grains which include dislocations, stacking
faults, sub-grain boundaries, twin boundaries (TBs), etc. These defects significantly influence the plastic
deformation behavior of the individual grains and the mechanical properties of polycrystalline aggregates
due to their interactions with moving dislocations. As metals deform, the dislocations tend to multiply
thereby increasing their density. In absence of any sources generating dislocations, a well-known
mechanism by which dislocations multiply is by the operation of Frank-Read sources. It involves
generation of new dislocations from the existing ones. The Frank-Read source operates by bulging of
dislocation in response to stress-field leading to its expansion in the form of a loop to produce a new
dislocation. The multiplication of dislocations and their interaction with existing dislocations in the lattice
as well as other defects eventually lead to strain hardening in metallic materials.
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Figure 1-4 Schematic showing grain boundaries, interfaces, sub-grain boundaries, twin boundaries, perfect and partial dislocations, and
stacking fault in polycrystalline metallic material with average grain size d. The dislocations are shown to glide along the slip plane and
are hindered by GBs to form a pile-up.

Grain Boundary Strengthening

GBs and interfaces play a key role in the strengthening of metallic materials by acting as barriers for
dislocation motion. This is shown schematically by the formation of dislocation pile-up at the GBs in Figure
1-4. The spacing or density of the GBs or interfaces in the materials directly affects the hardness and the
yield strength. For polycrystalline metals with conventional grain sizes (several micrometers), the yield
stress (o) is related to the grain size (d) by the Hall-Petch relationship as [48,70]:

o =0, + kd-1/2 1-1

where o, is the lattice friction stress required to move individual dislocations and k is a constant.
According to the Hall-Petch relation (Eq. 1-1), the yield strength varies as the inverse square root of the
grain size. A reduction in grain size leads to an increased fraction of GBs that provides higher resistance to
the motion of dislocations. Therefore, the yield strength increases as the grain sizes are reduced. The GB
strengthening is also the basis for enhanced strength in nc metals. Figure 1-2 (b) shows a schematic plot
representing the variation of yield strength with the inverse-square root of grain sizes. As the grain size is
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reduced from the cg to the nc regime, the yield strength increases almost continually up to at least 25 nm.
This shows that the dislocation-based hardening mechanisms are actively contributing to the
strengthening in the nc regime (below 100 nm). However, below a certain critical grain size (typically about
25 nm) nc metals tend to soften and follow an inverse Hall-Petch relation [27,71], indicating the activation
of alternative mechanisms governing the deformation processes. As broadly classified by Carlton and
Ferreira, a variety of models or mechanisms have been proposed to explain the inverse Hall-Petch relation
which includes dislocation-based, GB shearing, GB diffusion-based, and two-phase-based models [72].
Thus, in nc metals, the strengthening mechanisms are far more complex than those associated with the
classical dislocation-based hardening in cg metals.

Bauschinger Effect

The Bauschinger effect (BE), discovered by Bauschinger in 1881 [50], refers to the anisotropic flow
behavior of a metallic material during forward and reverse loading. This is illustrated in Figure 1-5 by the
classical stress-strain curve of a bulk metallic material subjected to tensile and compressive loading. Trace
OAB shows the loading path where A marks the forward (tensile) yield stress. Trace BC shows the
unloading path which is typically linear elastic for conventional cg materials and the slope of it corresponds
to Young’s modulus (E). CDE shows the loading path along the reverse direction where D marks the reverse
(compressive) yield stress, the magnitude of which is less than that of the forward yield stress, unlike the
CD’E’ path in which the yield stress at D’ is equal to that of A if an isotropic hardening is assumed. Due to
directionality in the strain hardening, the BE leads to the reduction in the yield stress during reverse
straining after being plastically deformed in the forward direction [62].
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Figure 1-5 Schematic showing the Bauschinger effect in metals. oy and oy, are the forward and reverse yield stresses, bold traces show
the BE and the hysteresis loop whereas the dotted trace shows the reverse loading path assuming an isotropic hardening (modified from
[49] and [65]).

Several theories have been proposed in the past to define and explain the BE in metallic materials
[65,73-76]. Most of these theories are primarily based on the dislocation theory. The anisotropy in the
plastic deformation resulting in the BE is primarily caused by back-stresses. The back-stresses are
generated due to the dislocation pile-up formation at the GBs during deformation. Based on the back stress
effects associated with the dislocation pile-ups, Abel and Muir [77] proposed two approaches to explain
the BE. The first approach is based on Seeger’s theory of work hardening [78]. Seeger’s theory is based on
the effects of long-range stresses that build up during deformation. The long-range stresses arise as a result
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of the accumulation of dislocations in the principal glide planes. These stresses oppose the equally forward
and reverse motion of dislocation thereby leading to the plastic anisotropy during tension and
compression. It has been shown experimentally that the deformed state of metal single crystals is partially
unstable, and this instability is reflected in the form of a large BE. The second approach is based on
Orowan’s theory [79,80] which suggests that anisotropy in the resistance to the motion of dislocations is
introduced by pre-straining. After a certain amount of pre-strain, the dislocation motion is easier in the
opposite direction as the back-stresses associated with the dislocations accumulated during pre-straining
assist their backward motion which leads to the BE.

The plastic anisotropy under cyclic deformation is remarkably different for cg and UFG metals. Hoppel
etal. performed microyielding experiments with cyclic loading/unloading and reloading of bulk cg and UFG
Al [81]. The microyielding curves for cg Al do not show a noticeable change in the plastic strain during
unloading/reloading (Figure 1-6 (a)). The unloading and reloading curves almost overlap with each other.
Interestingly, notable inelastic backward/forward strains were observed during unloading/reloading of
UFG Al compared to cg Al as seen in Figure 1-6 (b). These differences in the microyielding behaviors were
accounted for in a model that considered the effect of dislocation emission at GBs and the build-up of
deformation-induced long-range back stresses that lead to inelastic strain recovery. Using in situ TEM
testing, Mompiou et al. presented clear experimental evidence of the partial re-emission of dislocations
from GBs and their reverse motion upon unloading in tensile deformed UFG Al (Figure 1-6 (c)) [64]. This
elucidated the unusually large inelastic reverse deformation upon unloading, which is not observed in the

cg counterparts. These results have raised strong interest in the dislocation-based processes leading to the
BE in nc and UFG metals.
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Figure 1-6 Micro-yielding curves for: (a) coarse-grained Al, (b) ultrafine-grained Al (modified from [81]), and (c) bright-field TEM images
showing back and forth motion of dislocation between two opposite GBs in a UFG Al during in situ TEM loading and unloading
experiments [64].
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Apart from the bulk materials, the BE in thin metallic films has gained strong attention in the last two
decades. Due to the dimensional and microstructural constraints and the presence of free surfaces, thin
films exhibit a mechanical behavior different from their bulk counterparts [49]. However, unlike bulk
specimens, thin films cannot be subjected to external compressive stress after straining in tension as
straining in the reverse direction leads to buckling. Accordingly, modified Bauschinger tests have been
introduced. These include simple loading-unloading tests to study internal stresses in thin films
[49,59,62,82]. These studies have shown that the stress-strain response of thin metal films deviates from
the elastic behavior with a significant reverse plastic flow during unloading, even when the films are still
under tension [49,62,82]. In other words, the plastic strain in the film upon unloading is considerably less
than expected [62] if an ideal elastic strain recovery would be assumed (Figure 1-7).
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Figure 1-7 Schematic of the typical engineering stress-strain response of the BE in metallic thin films or nanocrystalline film subjected to
loading-unloading cycle. o,: forward yield stress; oy reverse yield stress; €,: expected plastic strain if the specimen traced an elastic
unloading path; €g: recovered plastic strain defined as the difference between expected and actual plastic strain. A lower oy leads to
larger €g and hence a more pronounced BE [49].

In their first experimental report, Xiang and Vlassak showed the BE in passivated thin metal films with
relatively larger grains size of 1-2 pm using plain strain bulge tests [49]. A dislocation-based mechanism
was proposed to explain the BE in the passivated films. During tensile loading of a passivated film,
dislocations pile up at the film /passivation interface leading to significant back-stresses as shown in Figure
1-8 (a). These back-stresses in the film lead to the gliding of dislocations in opposite direction resulting in
anon-linear unloading curve. On the contrary, unpassivated thin films showed little or no reverse flow even
after completely unloading the specimen. According to their model, in unpassivated or free-standing thin
films many dislocations can exit the film at the free surfaces, and therefore the BE is not significant.
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Figure 1-8 (a) Schematic showing the interaction of dislocations with GBs as well as free surfaces and interfaces in passivated thin films
[49], and (b) A conceptual mechanism for BE in free-standing or unpassivated metal films with columnar grains. The figure shows the
stresses in a large and two surrounding smaller grains. Grey and blue colors indicate tensile and compressive stress respectively while
darker shades represent higher magnitude [63].
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Subsequently, Rajagopalan et al. experimentally reported BE upon unloading free-standing metal films
[63]. However, the thicknesses (200-400 nm) and grain sizes (~ 200 nm) of the films examined were
smaller compared to the ones studied by Xiang and Vlassak. In their following report, Rajagopalan et el.
reported an extended microplasticity in microstructurally heterogeneous free-standing nc gold (Figure 1-9
(a)) and aluminum thin films that lead to the build-up of internal stresses inducing a large BE during
unloading [61]. Using in situ TEM studies, a significant dislocation activity was observed in some larger
grains in these films whereas smaller grains showed little dislocation slip-based processes when the overall
plastic strain in the film was over 0.3%, well above the conventional limit of 0.2% for the macroplastic
deformation. This was considered as evidence for the microplastic deformation. On the other hand, for
microstructurally homogeneous aluminum films with grains oriented favorably for dislocation glide and
reduced plastic incompatibilities, such a microplastic deformation, and BE was found to be minimal (Figure
1-9 (b)).
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Figure 1-9 (a) The stress-strain response for nc gold film during in situ TEM deformation for three cycles. The stress-strain curves deviate
from the elastic unloading path (indicated by dashed black lines) during all three deformation cycles. (b) The stress-strain measurements
for nc aluminum film during in situ TEM deformation, showing a relatively sharp elastic-plastic transition and an almost elastic unloading
behavior for two cycles (modified from [61]).

The above experimental results were supported by simulations that showed that the extended
microplasticity and BE are a result of an inhomogeneous stress distribution caused by microstructural
heterogeneity. A conceptual mechanism was proposed to explain the distinct BE in free-standing films with
grain sizes in UFG and nc regime as illustrated in Figure 1-8 (b). This mechanism has considered the
variation in grain sizes and orientation resulting in an inhomogeneous stress distribution leading to the BE.
Figure 1-8 (b) shows the stresses in a large and two surrounding smaller grains at two points, A and B,
during loading and unloading, respectively. The large grain is representative of grains that undergo
significant plastic deformation while the smaller grains are symbolic of grains that undergo little plastic
activity. During loading, the large grain starts deforming plastically at low stresses, whereas the smaller
grains accommodate the strain elastically. As the external load increases, the stresses in the smaller grains
keep increasing. However, the stress in the larger grain remains low (no significant hardening from
dislocation entanglements) as the dislocations can escape to the surface. This leads to highly
inhomogeneous stress distribution in the film. Furthermore, once the larger grains start deforming
plastically the stress-strain slope reduces markedly. During the initial stages of unloading both the large
and the smaller grains unload elastically. However, as the unloading progresses, the larger grain goes into
compression as it was under much smaller stress at the start of unloading. This compressive stress leads
to reverse plastic deformation in the larger grain (as the dislocations are of opposite sign) and hence the
BE.

The increased interaction of dislocations with GBs in small-grained materials has been the basis of most
of the theories explaining the inelastic behavior, anisotropic plastic response, and the BE. However, the
conventional theories or models solely based on dislocation slip processes may not be valid to explain the
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anomalous plasticity in nc metals. A principal reason for that is the multiple concurrent deformation
mechanisms apart from the dislocation-based processes that are often reported to control the plasticity.
Moreover, if the dislocation-based processes are dominant and assumed to control the plasticity, their
complex interactions with GBs need to be taken into consideration.

Grain Rotation and Texture

The deformation slip within individual grains in polycrystalline metals is typically accompanied by their
rotation leading to a change in the crystal orientation [65,69,83]. The grain rotation in cg metals is often
accomplished by microscopic dislocation glide on multiple active slip systems [84]. Within bulk metallic
materials, rotation of the grains leads to the evolution of deformation texture. The development of
deformation texture means that the intensity of certain stable orientations (deformation texture
components) increases at the expense of unstable orientations [83].
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Figure 1-10 Comparison of the experimentally observed rotation of the tensile axes with standard models shown in an inverse pole figure:
(a) Taylor model using the average of different solutions to the ambiguity problem (either 6 or 8 slip systems are active), (b) Taylor model
using the maximum primary slip, (c) Sachs model, and (d) self-consistent prediction of the rotation of the tensile direction of Al on tensile
elongation from 3% to 5% showing the direction of the rotations. For (a)-(c) the black lines show the predicted and the colored lines show
the experimental rotation data whereas in (d) only the predicted rotation directions are shown (adopted and modified from [85]).
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In cg metals, the rotation of grains during plastic deformation is dominated by their orientation with
respect to the straining direction and the resulting texture can be predicted well by classical plasticity
models such as the Taylor or Sachs models or self-consistent approaches [85-89]. The first statistically
significant measurements of a large number of individual micron-sized grains rotating during deformation
of a bulk specimen were reported by Margulies et al. using 3D X-ray diffraction characterization [90]. They
compared their experimental results with classical predictions as shown in Figure 1-10. Comparison with
the Taylor model showed significant discrepancies around the <100> corner and in the middle of the
stereographic triangle (Figure 1-10 (a-b)). The Sachs model showed discrepancies around the <100> and
<111> corners (Figure 1-10 (c)), whereas self-consistent approaches predicted large variations of the
rotation behavior in the <100> corner, but did not predict the experimentally observed rotation directions
(Figure 1-10 (d)) [85,90].

The Taylor model is based on the assumption that each grain experiences the same strain as the
surrounding bulk material, equal to the macroscopic plastic strain, and accommodates the strain via the
five independent slip systems, which are required to describe the state of strain in FCC metals
[87,89,91,92]. The validity of the critical resolved shear stress for simultaneous activation of these five
independent slip systems at the same external stress state and the equilibrium of the stress state has been
questioned [93]. Alternatively, the Sachs model assumes a uniform external stress state for each grain and
predicts crystallographic slip only for those slip systems where the critical resolved shear stresses are
approached according to Schmid’s law [89]. However, the Sachs model does not include constraints for
shape changes induced by the activation of different slip systems in differently oriented grains and
therefore does not guarantee a shape equilibrium between deforming grains and their neighbors [89,94].
The classical texture models do not consider the influence of GB-mediated processes, which do not lead to
the development of a strong preferential texture. Furthermore, the interaction of dislocations with GBs is
enhanced as the grain size is reduced to the nc regime, thereby leading to far more complex textures
compared to those predicted by classical models.

Grain Interactions in Metallic Materials

The classical theories of crystal plasticity predict the rotation of grains based on macroscopic
mechanical boundary conditions and crystallographic parameters of grains. However, the deformation
processes within a grain are likely to be influenced due to the generation of locally varying mechanical
boundary conditions that may be different from the macroscopic mechanical boundary conditions [95]. In
general, the earliest plasticity models are known to predict the textures that are too sharp compared to the
deformation textures measured by X-rays or neutrons [96]. This discrepancy has been attributed to the
basic assumptions of these models that ignore complex interactions between grains as well as deformation
heterogeneities [96,97]. Grain interaction occurs if the plastic flow process in a grain is influenced by its
neighboring grain. Grain interaction as incorporated by Robert and Driver [97] in their model refers to the
degree of stress transfer across GBs so that the state of stress of each grain is influenced by the stress state
of its surrounding neighbors according to their contact distances. Under severe grain interactions, similarly
oriented grains in different locations in the specimen are expected to exhibit a different rotational
response, and as a result deviations from the classical model are expected [95].

Panchanadeeswaran et al. performed channel die compression of randomly oriented polycrystalline Al
with mean grain size 200 pm and measured the textures by backscattered Kikuchi as well X-Ray diffraction
techniques [98]. The experimentally measured global deformation texture matched reasonably well with
that predicted by the Taylor model. However, the model failed to predict the orientations at the level of
individual grains. Each grain exhibited a wide local orientation spread whereas the model predicted only a
single orientation. This fundamental anomaly was attributed to the variations in deformation as a result of
the interactions with neighboring grains which are not incorporated in the model. In another report,
Kalidindi et al. also demonstrated that the Taylor model was unsuccessful in predicting the rotation of
individual grains in Al and were able to model the local deformation at the level of individual grains [99].
Thorning et al. conducted a detailed quantitative investigation of crystal orientation distributions in a
single grain in cg Cu to analyze the influence of grain interactions [95]. Their study showed the formation
of orientation domains that extended several tens of micrometers around the periphery of the grain. Based
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on the detailed analysis of crystal orientation maps, these domains exhibited a correlation with the
intersecting GBs, intersecting grains, or domains within the neighboring grains which confirmed the
influence of grain interactions. Subsequently, the efforts by Winther et al. offered a greater understanding
of grain interaction mechanisms leading to intragranular orientation spread in tensile deformed cg IF steel
[96]. In their study, the differences in the rotation of two similarly oriented grains were attributed to long-
range grain interactions that lead to deformation heterogeneities within the grains. A qualitative analysis
based on the ALAMEL model accounting for grain interactions showed that the interactions observed in
their study occur as a result of cooperative shear at GBs.

Various modified models have been introduced in the past decades to account for interactions between
a single grain and all their neighbors (assumed as a matrix regardless of the different orientations of each
grain) or the detailed interactions between neighboring grains [93,94,96,100-103]. Some of the well-
known models accounting for the grain interactions include the LAMEL, ALAMEL, and GIA models. The
LAMEL model by Van Houtte et al. [104] considers the interactions of two grains across the faces of
elongated grains. The LAMEL model was further generalized to the advanced LAMEL (ALAMEL) model
[102] which also takes into consideration the GB plane as a variable. The grain interaction (GIA) model by
Crumbach et al. [105] considers the interaction between clusters of grain which was further extended to
the GIA-TW-HD model by Mu et al. [101] to take into account twinning-induced texture and strain
hardening for predicting textures.

The above-mentioned studies were mainly focused on cg metals with grain sizes of several (tens of)
micrometers. Due to the increased fraction of GBs in nc metals and reduced slip length, the grain
interactions are expected to be far more pronounced compared to cg metals. Due to strong grain
interactions, the rotational response and orientations within individual nano-grains and overall texture in
nc metals are likely to be far more complex compared to cg metals. Such interactions between grains in nc
metals are barely understood or reported in the literature. These interactions could be influenced by a
variety of microstructural characteristics including grain size, the geometry of GBs, the geometric
arrangement of the slip systems across GBs, GB character, and the initial orientation of grains.
Understanding the detailed influence of these microstructural parameters requires critical investigations
using advanced experimental strategies. These investigations could aid to refine the classical theories of
dislocation plasticity and texture evolution.
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1.3 Understanding Deformation Mechanisms in Nanocrystalline Metals

In nc metals, the motion of dislocations and their multiplication, typically governing the deformation in
cg metals is limited by the nano-sized grains [106,107]. Conventional dislocation sources like the Frank-
Read sources are generally not found to be operational [26]. As a result, mechanisms involving the
multiplication and generation of new dislocations from the existing ones are not particularly active. With
the reduction in grain size, the number of dislocations piling up at GBs decreases for a given stress level
[47]. As a result, greater stress is required for piling up a similar number of dislocations at GBs. In addition
to the dislocation-mediated processes, plasticity in nc metals is accommodated by GB-mediated
mechanisms that include GB sliding [108-117], GB migration [118-126], GB diffusion creep [127-129],
grainrotation [109,110,118,119,128,130-134] or alternative mechanisms like twinning [106,135] or shear
band formation [107,136].

To investigate the different deformation mechanisms in nc metals at micro-/nanoscales, the last few
decades have witnessed the development of miniaturized testing strategies. Ex situ small-scale mechanical
testing methods like nanoindentation, tribological contact, tensile testing, bulge testing, etc. are some of the
techniques that have been widely employed to measure the mechanical response of nc metals. These
techniques can provide precise control over load, displacement, and temperature. These, however, only
enable correlation with the microstructure on an averaged statistical basis by characterizing the initial and
selected deformed states and do not provide direct visualization of the evolving microstructural
characteristics. Although ex situ testing and characterization have yielded valuable insights into the
deformation mechanisms of nc metals, in situ nanomechanical testing techniques are indispensable for
observing the deformation processes in materials in real time.

Since the length scales of the microstructural characteristics are typically in the micro-/nanoscale
regime down to atomic scales, the miniaturized testing strategies need to be combined with high-resolution
imaging techniques to probe the active deformation mechanisms. Transmission electron microscopy
(TEM) has proven to be crucial for the in-depth characterization of materials down to the atomic scale. TEM
offers high spatial resolution and sufficient statistical information related to the structure, crystallography,
chemical composition, etc. With these capabilities, in situ TEM nanomechanical experiments allow for
direct mechanistic investigations of various deformation mechanisms in nc metals while measuring the
nanomechanical response from the test specimens. The following sections briefly review the different
deformation mechanisms in nc metals by specifically focusing on some of the recent in situ and ex situ TEM
studies. These studies illustrate the role of microstructural characteristics in controlling deformation
mechanisms and the resulting mechanical behavior in nc metals. Starting with the dislocation-based
processes, the mechanics of dislocations at GB and within the grains in a UFG metal are understood. As the
grain size is reduced to 20 nm, the deformation is seen to be largely accommodated by the activity of partial
dislocations that could lead to a superplastic deformation. Further, with the reduction in grain sizes down
to the nc regime, a transition from dislocation-based processes to deformation twinning is quantitively
studied. The next study shows the impact of nano twins on activating the GB-mediated processes. Lastly,
the role and interplay of both dislocation and GB-mediated processes leading to grain rotations in nc metals
are reviewed.

1.3.1 Dislocation-based Mechanisms

Dislocation-based mechanisms in nc metals are complex because dislocation activity is expected within
the grains as well as at the GBs. Their interactions with GBs and interfaces strongly depend on the grain
size, GB character, their geometry as well as the arrangement slip systems across the GBs. Due to the
increased volume fraction of GBs in nc metals, understanding the dislocation-GB interactions becomes
important since these influence the dislocation pile-up, plasticity, and strengthening mechanisms that are
active at the GBs. Mompiou et al. presented direct evidence for intergranular dislocation plasticity
occurring under lower strains in UFG Al [137]. In this mechanism, the dislocation activity is confined within
the plane of the GB (Figure 1-11 (a)). Based on a statistical analysis using automated crystal orientation
mapping in TEM (ACOM-TEM), it was confirmed that this intergranular plasticity occurs in all types of GBs
irrespective of their misorientation. These GBs included low and high-angle GBs as well as some special
GBs, indicating that the GBs, in general, act as potential sites for nucleation and propagation of dislocations.
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At larger strains (over 2%), due to their progressive accumulation at the GBs, the dislocations are emitted
from the GB and propagate within the grain leading to a transition to intragranular plasticity ((Figure 1-11
(b))). From these results, it is understood that the inter-and intragranular plasticity are competing
deformation processes and GBs in fine-grained materials accommodate the plastic strain as well as these
act as a medium for strain transfer within the grains.

Figure 1-11 (a) Intergranular plasticity mechanism showing nucleation of dislocations from GB-TJ and their propagation inside GB in UFG
Al, (b) a source S located at GB 1-2 (marked by the red line) emitting intragranular dislocations in G2 in the plane delimited by its trace tr
[137].

Grain size in the nc regime considerably influences the characteristics of dislocations. The operation of
full dislocations becomes less active with a reduction in grain sizes. Simulation studies by Swygenhowen
etal. [138] and Yamakov et al. [139] and have shown substantial partial dislocation activity for their models
for the grain sizes within the nc regime. The activity of partial dislocations is a principal mechanism for
ultra-large elongation in nanoscaled crystals (e.g. nanowires). The stacking fault energy (SFE) determines
the equilibrium separation of the partial dislocations or the resulting width of the SF. The higher the SFE,
the smaller is the separation between the partials. Interestingly, for nc metals with high SFE (e.g. Al), it has
been shown that the SF width is much wider compared to their cg counterparts [140]. SFE influences the
critical grain sizes below which the deformation mode switches from full dislocations to partial
dislocations. Alloying is a potential approach to modify the SFE in materials to influence the activity of
partials. Recently, critical atomic-scale observations (Figure 1-12) by Libo et al. during the deformation of
Au-Cu nanowires showed gliding of leading and trailing partials leading to the formation of extended
dislocations [141]. Due to the activity of these extended dislocations, they were able to achieve ultrahigh
strength (~ 2.98 GPa) and superplastic deformation (~185%) at room temperature in these alloyed
nanocrystals of size below 20 nm. Thus, tailoring the SFE and thereby activating multiple dislocation
activities including those of partials and extended dislocations offer a pathway towards strength-ductility
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Figure 1-12 (a)-(c) Series of images showing the gliding of leading (D15) and trailing (D16) partials that lead to the formation of an
extended dislocation during in situ deformation of the Au-Cu nanowire [141].
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1.3.2 Deformation Twinning

Another well-established deformation process in cg metals is deformation twinning, which occurs under
shear stresses that lead to the cooperative movement of atoms. The tendency of cg metals to twin is closely
related to their stacking fault energy (SFE). Metals with lower SFE (e.g., Ag) have a greater tendency to twin
compared to those with higher SFE (e.g., Al or Cu). In addition to SFE, atomistic simulations have shown
that the stress required for the nucleation of Shockley partial dislocations is strongly dependent on the
grain size [139,142]. Thus, the grain size becomes a critical parameter in controlling the twinning in nc
metals. Compared to their cg counterparts, deformation twinning becomes a prominent mechanism in nc
metals with even medium-to-high SFE (e.g., Cu, Ni, or Al).
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Figure 1-13 (a) Frequency distribution of dislocations, twins, and stacking faults in a deformed gradient nanostructured Ni, (b) HR-STEM
image showing the atomic structure of deformation-induced twins [143].

To experimentally study the influence of grain size on twinning, Guo et al. recently conducted ex situ
TEM investigations on a deformed gradient nanostructured Ni [143]. They have shown a transition from
full dislocation slip to twinning depending on the grain size. In their study, ACOM-TEM enabled a statistical
analysis of grain sizes and twin boundaries. For grain sizes above 60 nm, the primary deformation
mechanism was dislocation slip, whereas extensive twinning was reported for grain sizes in the range of
20 to 60 nm (Figure 1-13 (a)). A high-resolution scanning TEM (HR-STEM) image shows the atomic
structure of a few closely spaced £3 TBs within a 20 nm grain (Figure 1-13 (b)). The steps at the TBs
indicated by arrows are most likely due to their interaction with Shockley partials further confirming their
role for the twin formation in nc Ni. From these results, it is concluded that the transition from dislocation
slip to twinning involves competition between leading, trailing, and twinning partials that effectively
contribute to the twin fractions as the grain sizes are reduced.

1.3.3 Grain Boundary-mediated Processes

Classical grain boundary-mediated processes include GB sliding (GBS), GB migration, or GB diffusion.
Grain boundary sliding (GBS) denotes the sliding of two grains over each other in response to external
stress with their displacement taking place at or near their mutual interface. Using molecular dynamics
simulations, Swygenhoven and coworkers have reported that the plastic deformation in nc Ni with grain
sizes less than 10 nm has a regime controlled by GBS [144]. Within this regime, the strain rate was shown
to increase with decreasing mean grain size, whereas above a critical grain size, the strain rate was shown
to be independent of the grain size, which was considered as a transition to a regime that is intermediate
between GBS and intragrain dislocation. Further, theories have also predicted that cooperative GBS and GB
migration actively contribute to the enhancement of plasticity and fracture toughness in nc metals.

Most of the previous studies on GBS and GB migration were reported for nc metals without the influence
of special GBs. Nanotwins with coherent £3 character are known to offer strong resistance to dislocation
motion and these could alternatively activate GB-mediated processes. Understanding the influence of X3
TBs during deformation could offer insights into competing dislocation and GB-mediated processes. In a
recent development, Li et al. reported on in situ TEM observation of cooperative GBS and migration in
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nanotwinned nc Au thin films. Figure 1-14 shows a series of bright-field TEM (BFTEM) images acquired
from a localized region of nc Au film with two crack tips. The cooperative GBS and migration could be
noticed from the displacement of the grains across GB 4-5, GB 4-6, GB 6-7, and GB 6-9 and the resulting
blunting of both the crack-tips. These results explicitly showed that accommodation of GBS by GB network
can be associated with migration of GB interface and triple junctions. Statistical analysis on the grains at
the blunting crack-tips indicated that the sizes of most of the twinned grains increased whereas the sizes
of those without twins decreased. From these observations, it is concluded that nanotwins promote
cooperative GBS, migration, and stress-driven grain growth during the crack-tip blunting processes
thereby paving a way towards increased plasticity and fracture toughness in nc metals.

Figure 1-14 Bright-field TEM images showing cooperative GBS and GB migration between nanotwinned grains in nc Au: (a)-(b) sliding
across GB 4-5 along with GB migration associated with the blunting of the crack-tip at G5, the initial and final traces of the boundary of
G5 are shown in white and yellow. (c)-(d) Cooperative sliding across GB 4-5, GB 4-6, and GB 4-7 along with GB migration associated with
the blunting of crack-tip at G6.

1.3.4 Grain Rotation and Deformation Texture

The grain rotation and texture observed experimentally during deformation in nc metals are strongly
affected by the different types of deformation mechanisms. It is generally accepted that GB-mediated
rotation of grains does not lead to a global texture development [20,84,112]. For example, Ivanisenko et
al. reported a GB-mediated process controlling the deformation in nc Pd for grain sizes below 40 nm [107].
In another experimental report, they showed GB-mediated rotational deformation of grains occurring as
rigid units for Pd with a mean grain size of 130 nm [117]. In such a GB-driven mechanism, the rotation of
grains is not controlled by the classical dislocation slip that leads to the formation of crystallographic
texture, and these rotations are considered as ‘non-crystallographic’ in nature. Shan et al. had also observed
such rotations in much smaller grains (~ 10 nm), and explained these to be occurring in conjunction with
GB sliding (GBS) [145]. This mechanism involving grain rotation in association with GBS necessitates
accommodation of the strain and strain rate incompatibility between a cluster of neighboring grains
[117,146]. The classical model by Gutkin et al. shows a crossover from GB sliding to the rotational
deformation [109]. This crossover of deformation modes of plastic flow was explained by splitting of the
gliding GB dislocations into climbing GB dislocations at GB triple junctions. Using in situ HRTEM, Wang et
al. had observed simultaneous (collective) rotation of several grains in a direct neighborhood in a
coordinated manner and it was explained by the climbing of dislocations into triple junctions or GBs [131].
On the contrary, Yang et al. suggested dislocation-based plasticity as a dominant mechanism even at grain
sizes as low as 28 nm and were able to describe the texture development by classical models limiting the
number of slip systems [147]. Mompiou et al. have also reported on grain rotations in UFG Al using in situ
TEM studies. These rotations were shown as a direct consequence of GB dislocations with Burgers vectors
out of the plane of the film and occurred as a collective process involving several neighboring grains [148].

Real-time local investigations based on the evolving grain structure become indispensable to untangle
the contributions of the active mechanisms that lead to grain rotations. Recently, Chen et al. have shown
dislocation-mediated GB migration associated with a climb of dislocations and their reaction in nc Au under
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in situ cyclic shear loading inside TEM (Figure 1-15). It was shown that the grain shrinkage is
accommodated by dislocation-driven GB migration which is accompanied by coordinated deformation of
neighboring grains. These processes resulted in rapid grain rotation together with grain annihilation
during reverse shear deformation. These results provide a direct understanding of the complex interplay
of dislocation and GB-mediated processes leading to rotation of nanograins occurring during cyclic
deformation and add greater insights into fatigue degradation processes in nc metals.

Figure 1-15 Series of HRTEM images during shear deformation showing GB migration, dislocation activity, grain rotation, and annihilation:
(a-b) Migration of GB 1-2 and dissociated GB 1-4, (c-d) migration of GB 1-2 associated with collective climbing of GB dislocations leading
to clockwise grain rotation of G1, (d-e) reaction of glide dislocations with dislocations on GB 1-2 and SFs in the dissociated GB 1-4 driving
the grain rotation and annihilation, (e-f) emission and annihilation of SFs at neighboring GBs.
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1.4 Nanocrystalline Multilayered Composites

Apart from grain structure and GB characteristics, further possibilities to tailor nc materials is to
incorporate heterophase interfaces between dissimilar materials and alter their structure and chemistry
at nano or atomic scales. Nanocrystalline multilayered composites (NMCs) have emerged as a novel class
of engineering materials. They are applied as coatings with advanced mechanical, tribological, and chemical
properties [149,150]. The metallic multilayer systems offer controllability of dimensions, interface
structures, and properties at a near-atomic scale. As a result, these are good model systems to explore the
effect of interfaces on the tribological properties at different length scales ranging from nano- to
micrometers [151,152]. NMCs typically consist of two or three components deposited alternatively with
thickness and grain sizes within 100 nm. Each layer in the composite material has a discrete function of
imparting properties like the ability to act as a thermal or diffusion barrier or to impart abrasion resistance
[149]. GBs and interphase interfaces in these multilayered systems play an important role in controlling
their properties like strength, hardness, fracture, resistance to fatigue, and irradiation damage [151,153].
The strengthening mechanisms in NMCs and their deformation behavior have been proven to be strongly
influenced by the layer spacing and coherency of the interfaces [150]. Further, various other factors like
shear modulus mismatch, grain size within the layers, structural discontinuity across the interface, and its
crystallographic nature also govern their mechanical properties [154].

1.4.1 Strengthening and Plasticity in NMCs

NMCs can exhibit significantly high yield strengths, which can approach 1/3 to 1/2 of the theoretical
strength at room temperature [154,155]. For NMCs, the individual layer thickness (1) is the principal
parameter for tailoring the flow strength (o) by Hall-Petch strengthening [156]. For NMCs composed of
stiffer and softer phases (e.g. Cu-Cr), the flow strength is controlled by the softer phase and the
strengthening is related to the characteristic dimension of the softer phase [157,158]. The characteristic
dimension can be either thickness or grain size depending on whichever is smaller. The ductility of NMCs
is dependent on the modulation period (bilayer thickness). Unlike strength, the ductility reduces as the
modulation period is reduced [157,159].

Apart from the layer thickness and grain size, another crucial factor that controls the mechanical
properties of NMCs is the interfacial structure [155], which can be broadly classified into coherent, semi-
coherent, and incoherent systems [150,160]. Coherent interfaces are formed in NMCs with the same crystal
structure and specific orientation at the interface. This results in a continuity of slip systems across the
interfaces and these are termed as ‘transparent’ interfaces. Despite the continuity of the slip systems,
dislocations are hindered in moving from one layer to the next due to the coherency stresses arising due to
lattice mismatch and image stresses due to modulus mismatch [156]. Semi-coherent interfaces form
between metals with the same lattice structure but a larger mismatch of the lattice parameters. For semi-
coherent interfaces with small misfits (= 5%), gliding dislocations need to overcome large stresses as the
misfit dislocations only relax long-range coherency stresses [151]. Interfaces between two phases with
different crystal structures are incoherent and offer strong resistance to slip transmission due to the low
shear strength of the interfaces and these are called ‘opaque’ interfaces [161,162].

1.4.2 Deformation Mechanisms in NMCs

In the case of NMCs, the dislocation-based processes could be even more complex due to the presence
of two or more types of materials. For multilayers with incoherent interfaces, Misra et al. proposed
dislocation-based models for FCC/BCC multilayers, without coherency stresses, to interpret the length
scale dependence of the strengthening mechanisms, as shown in Figure 1-16 [163]:

e Dislocation pile-up based mechanisms following the Hall-Petch relationship for layer thickness in or
over a sub-micrometer range

e Confined layer slip (CLS) of single dislocation loops for layer thickness in the range of a few tens of
nanometers where the dislocation pile-up based Hall-Petch relation explaining the increase in strength
with decreasing thickness does not apply

e Interface cutting model for the layer thickness of 1-2 nm

18 Introduction



Interface Crossing

~
g X ih
N
N
A
XX
o # f(h) Deformation involves glide
B h|of single dislocations
confined to individual layers
£
B
e : h
|
b 1
1
e : A distocation
Yosthriain e b
[
! tens of nm [ g1 microns Deformation assisted
1 : to microns by mechanical advantage
1

of dislocation pile-ups
Layer thickness n
oxh

Figure 1-16 Schematic illustration of the dislocation mechanisms in multilayers operative at different length scales (adopted from [163]).

Considering the above predictions, a critical understanding of the deformation processes at the length
scales of a few tens of nanometers becomes important to explain the enhanced strengthening in NMCs
(Figure 1-16). Nan et al. showed an in situ TEM evidence of the CLS mechanism with a cluster of dislocations
gliding collectively in the Cu layer close to the indenter during the compression indentation process of
nanoscale Cu-Nb multilayers (Figure 1-17). These dislocations are confined within the Cu layer and do not
transmit to the neighboring Nb layers. Geometrically, unlike their appearance, it was concluded that these
dislocations do not pile up on the same glide plane but are arranged as loops on a set of different glide
planes parallel to each other. With the operation of the CLS mechanism, both Cu and Nb layers were shown
to co-deform to large plastic strains without crack formation.

Figure 1-17 Cluster of dislocations gliding collectively in the Cu layer in Cu-Nb multilayers [152].

Introduction 19



Due to opaque interfaces in the above study, direct slip transmission or transmission of partial
dislocations leading to twinning was not evident. Deformation twinning has been rarely reported in Cu
layers in Cu-Nb multilayers even at peak stresses of 2.5 GPa or under shock loading. This indicates that
deformation twinning is dependent on the heterophase interfacial characteristics that determine the extent
of transmissibility of the twinning partials. Wang and co-workers have shown the twinning is facilitated by
interfaces in Ag-Cu eutectic composite in submicron and nc regime [164,165]. With the greater propensity
of Ag to twin compared to Cu, the Ag-Cu interfaces were shown to permit the transmission of twinning
partials from Ag to Cu to constitute a sustained growth of deformation twins across the interfaces (Figure
1-18). It is seen that the twinned band after transmission not only locally reorients Ag and Cu to twin
orientation but also the Ag-Cu interface leading to the instability of interface. These differences in the
behavior of Cu-Nb and Cu-Ag multilayers indicate that Cu in both the systems does not act independently
of the adjoining component layers and the interfaces play a critical role in controlling deformation
mechanisms. This raises a strong interest in deeper investigations of the influence of heterophase interface
structure on the deformation characteristics of nanoscale metallic multilayers.
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Figure 1-18 (a) TEM image showing the twins transmitted from Ag layer to Cu layer in Ag-Cu nanocomposite subjected to compression.
(b)-(c) schematics showing the transmission of twinning partials across the Ag-Cu interface, and (d) schematic of the final interface
structure shown by dashed-line after twin transmission (modified from [165]).

20 Introduction



1.5 Thesis Goals and Framework

Despite the advancements in experimental and computational techniques, various facets of the
deformation behavior in nc metals are not yet explicitly understood. The cooperative interactions between
grains and their influence on the deformation processes controlling the elastic-plastic transition during
loading and in particular plastic recovery leading to the BE during relaxation in nc thin metal films deserve
extensive investigations. One of the principal goals of the thesis was to gain further insights into the
elementary deformation mechanisms that lead to plastic recovery during relaxation and the BE in nc
palladium thin films. To accomplish that, an in situ TEM experimental approach was employed. This
approach was aimed at establishing a direct correlation between the cyclic nanomechanical loading
behavior and the real-time evolution of the global deformation microstructure to analyze the deformation
processes.

In nc metals, both dislocation slip as well as GB-mediated processes lead to rotational deformation of
grains. The initial orientation of grains and the global texture considerably influence the overall plastic
anisotropy in nc metals. A detailed investigation of the complex interactions of grains with their neighbors
becomes critical to understanding grain rotation and the resulting texture characteristics. In addition to a
global analysis of the microstructure, local investigations were conducted to understand the complex grain
interactions in nc palladium. These investigations were aimed at analyzing the possible contributions from
dislocation and GB-mediated processes that lead to the grain rotations during loading and relaxation of the
specimen.

Apart from the influence of grain structure and GBs, the thesis further explored the impact of
compositional variations and heterointerfaces on the deformation characteristics. This part of the thesis
was focused on understanding the microstructural evolution in more complex systems involving NMCs
with different interface structures under tribological loading. The main objective here was to study the
influence of the interfacial characteristics and various material parameters on the microstructural
evolution during sliding contact. To accomplish that, two systems Au-Cu (semi-coherent interfaces) and
Cu-Cr (incoherent interfaces) were selected for comparative analysis. Based on the distinct microstructural
features in these two systems, the study aimed at unraveling the active deformation mechanisms that are
expected to be operative during the sliding contact.

The thesis is divided into seven chapters. Following the motivation for investigating deformation
mechanisms in nc metals and NMCs, the basic concepts of plasticity, deformation behavior, and
mechanisms in metallic materials are introduced in Chapter 1. Chapter 2 introduces the key experimental
methods utilized for the investigations. The techniques for specimen preparation for in situ and ex situ
nanomechanical studies and various transmission electron microscopy (TEM) techniques that were
employed in this thesis are described. Chapter 3 describes the approaches employed for processing and
quantitative analysis of the data acquired in the experiments. Chapter 4 presents the results from in situ
TEM observation of the Bauschinger effect in nc Pd thin films. In situ nanomechanics coupled with the
quantitative orientation mapping in the TEM enabled a direct correlation of the nanomechanical response
with the evolving microstructure in nc Pd. The results from a reliable quantitative analysis of the global
microstructural characteristics are presented to understand the deformation mechanisms governing the
BE in nc Pd. Chapter 5 presents the results from in situ TEM observation of cooperative grain rotations in
nc Pd. A quantitative analysis of the rotational behavior of some specific grains is presented. Based on these
local analyses, the chapter presents detailed mechanistic investigations of the interactions occurring due
to the dislocation pile-up formation between some specific pairs of grains leading to their cooperative
rotation. Chapter 6 presents and discusses the results of the microstructural evolution in Au-Cu (FCC/FCC)
and Cu-Cr (FCC/BCC) NMC thin films under cyclic tribological loading and explores the deformation
mechanisms active in these systems with heterogeneous interface structures. Chapter 7 concludes and
summarizes the main findings and suggests prospective advances towards the nanomechanical
investigations of nc materials.
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2 Experimental Methods and Data Acquisition

To understand the deformation mechanisms in nc materials, detailed investigations of the deformation
microstructure are important. Crucial aspects for the microstructural characterization are the spatial
resolution (nm-scale) to identify the relevant deformation processes and the volume of the sample
analyzed, which needs to provide sufficient statistical information. In this work, transmission electron
microscopy (TEM) was employed for the microstructural characterization as it offers a resolution down to
the atomic scale and allows to sample sizes of several micrometers. TEM techniques provide a variety of
details on the structure, crystallography, and chemical composition for a comprehensive materials
description. In addition, rapid image and data acquisition capabilities in TEM enable time-resolved
experiments. In situ TEM has become exciting to directly visualize the microstructural evolution in
response to strain, temperature, and other stimuli. Altogether, these capabilities make TEM ideal for
imaging and analysis of the deformation processes in nc materials.

This chapter introduces the major experimental techniques that were used to investigate the
deformation mechanisms in nc materials at the nanoscale. Starting from the sample preparation,
magnetron sputtering is presented as a route to prepare thin nc metal films. Methods for specimen
preparation, both for ex situ and in situ TEM characterization, using FIB are briefly introduced. The basics
of electron microscopy are summarized by introducing electron-specimen interactions, electron optics, and
various operational principles. Finally, in situ TEM techniques for heating and small-scale deformation of
miniaturized specimens are discussed.

2.1 Preparation of Nanocrystalline Thin Films

Physical vapor deposition (PVD) is a common method for producing thin films with sputter or
evaporative sources. It is a bottom-up approach that involves consolidation of material atom-by-atom or
layer-by-layer and offers the possibility to design multicomponent and multilayered coating variants with
tailored mechanical or tribological properties for surface engineering [55]. It is employed for producing
thin films/coatings for a variety of applications including microelectronics, corrosion barrier, and wear-
resistant coatings [166].

Motorized stage

High-vacuum
chamber

Sputtered atoms A
Sputtered atoms B

Target A

TargetB
: Plasma

RF source I RF source

Sputter gas (Argon)

Figure 2-1 Schematic of the set-up of magnetron sputtering with two targets.

In the present work, nc metal and composite thin films were prepared by magnetron sputtering. The
magnetron sputtering set-up consists of one or more planar targets that are bombarded by energetic ions
(Ar*). These ions are produced in a glow discharge plasma in front of the targets. The momentum
transferred by the Ar+-ions during the bombardment leads to sputtering of atoms from the target material
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under high vacuum (~ 10-9 mbar) conditions. These sputtered atoms are deposited on a substrate as thin
film. In addition to the target atoms, secondary electrons are also emitted from the surface of the target.
These electrons are confined in the vicinity of the target by the magnetic field of magnetrons. This leads to
a greater ionization efficiency with a dense and self-sustained plasma, thereby enhancing the sputter and
deposition rates (1-10 nm/s) on the substrate [167]. The main advantages of this method include purity
and uniformity of the coatings, dense and well-adherent coatings, ease of scaling-up, a large variety of film
materials, and broad tunability of film properties [168].

Critical parameters for sputtering include the sputtering gas pressure, sputter power and temperature,
and bias of the substrate. These parameters control the sputter yield, growth rate, microstructural
characteristics, texture, and residual stresses of the deposited films. The sputter gas pressure and substrate
temperature influence the surface mobility of adatoms. Classically, the influence of these parameters on
the microstructure of the films is understood from Thornton’s diagram based on the energy of the adatoms
[166,169]. Thornton’s structure zone model for sputter metal coating classifies the microstructure such
that increasing the energy of adatoms gradually changes the microstructure from porous columnar grains
to a fully recrystallized state [166]. Castrup et al. in their TEM investigations showed that low sputtering
gas pressures resulted in a dense equiaxed structure, whereas distinct columns with reduced atomic
density at column walls formed at higher pressures [16]. Further, Castrup et al. [16] and Detor et al. [170]
have shown a rapid transition from strongly compressive to tensile residual stresses as the sputter gas
pressure was increased. Based on the previous literature, the sputter parameters were chosen to obtain
films with dense and equiaxed structures with minimal residual stresses.

2.2 Electron Microscopy for Materials Characterization

Ernst Ruska and Max Knoll invented electron microscopy in the early 1930s. In 1932, they introduced
the term ‘electron microscope’ (EM) and proposed the concept of electromagnetic lenses and the formation
of images with the aid of electrons [171]. The advent of electron microscopy significantly expanded the
capabilities of microscopes to achieve nano- to atomic-scale resolution compared to classical light
microscopy. EMs use electrons to illuminate and image materials. These electrons are generated from
electron sources. Two types of electron sources are typically employed. Thermionic sources produce
electrons when heated to elevated temperatures whereas field emission sources produce electrons by
application of high electric potential. The electrons emanated from the source are accelerated at high
voltages and focused to form a fine cross-over. The electron gun mainly controls the brightness, coherency,
and energy spread of the electron beam. Since electrons are charged particles, EMs use electromagnetic
lenses to define their optical paths. The electrons are focused by the force exerted by the electric or
magnetic field produced by these lenses. Perfect electromagnetic lenses produce an axially symmetric
magnetic field enabling uniform focusing of the electrons.

As the electrons are accelerated at high voltages, they can achieve high velocities approaching a
significant fraction of the speed of light. From the wave-particle duality, these charged particles can
effectively behave as waves with short-wavelength (A) given by:

h
A

2-1

ev )]1/2
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where m is the rest mass of the electron, e is the charge of a single electron, h is the Planck’s constant, V is
the applied accelerating voltage and c is the speed of light in vacuum. If the electromagnetic lenses are
perfect without any aberrations, the theoretically achievable resolution is diffraction-limited by the
collection angle of the lens. The resolution can be defined as the smallest distance at which two individual
points on the specimen can be distinguished. It is generally given by the classical Rayleigh criterion as:

6=0.61 2-2
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where § is the resolution, A is the wavelength of the radiation, p is the refractive index of the medium and
[ corresponds to semi-angle of collection of the lens. Considering 8 to be small, the theoretical resolution
(R) for the electron waves in vacuum (u = 1) is expressed using a simplified form of the Rayleigh criterion
as:

R=1.22—= 2-3

In practice, however, the electromagnetic lenses are not perfect and the magnetic field generated by
them is not rotationally symmetric. This results in geometrical lens aberrations which include spherical
aberration, coma, astigmatism, etc. These aberrations lead to the deviation of electrons from their ideal
optical paths and govern the limit of actual resolution achievable in EMs.

2.2.1 Electron-specimen Interactions

High energy electrons hitting a specimen interact strongly with the nucleus and the electron cloud of
the atoms present in the material. The beam-specimen interaction generates various signals that contain
specific information about the material (Figure 2-2 (a)). The interaction volume of the incident electron
beam depends on the electron probe size, the energy of the beam, and the material itself. Secondary
electrons (SEs) are low energy (< 50 eV) electrons that are ejected from the atoms of the surface or sub-
surface of the specimen after receiving sufficient kinetic energy from the incident electrons. SEs mainly
provide information about the topography, shape, or inclination of features on the surface of the specimen
[172]. Backscattered electrons (BSEs) arise as a result of the strong interaction of electrons with the
nucleus of atoms (Figure 2-2 (b)). As a result, these carry information sensitive to the average atomic
number of the phases present in the specimen and offer compositional contrast during imaging.
Deceleration of incident electrons due to Coulombic interaction with the atoms of the specimen leads to
the generation of Bremsstrahlung or continuum X-rays. During the interaction, the electron beam can eject
the tightly bound inner shell electrons, leaving the atoms of the specimen in an excited state. The transition
of outer shell electrons to the empty lower energy state can result in the emission of X-rays (Figure 2-2
(b)). Since the difference between the two energy states is characteristic for an element, the emitted
photons are termed as the characteristic X-rays. The continuum X-rays constitute the background under
the characteristic X-rays in X-ray spectrums. These X-rays are essential components for energy-dispersive
X-ray spectroscopy for elemental analysis.

i Back I
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Bremsstrahlung ‘ 7 Characteristic X-rays
X-rays Energy loss e\ectrons/
Elastically scattered Direct beam . . ; 4
electrons Inelastically scattered High angle scattering Low angle scattering
electrons Energy loss electron

Figure 2-2 (a) Principal signals resulting from the interaction of electron beam with the specimen, and (b) schematic showing interaction
of electrons with an isolated atom (modified from [173]).
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[f the specimen is sufficiently thin (~ 100 nm) to be ‘transparent’ to electrons, the incident electrons can
transmit it. Imaging with the aid of these transmitted electrons forms the basis for transmission electron
microscopy (TEM). As the electron beam transmits the specimen, it is scattered in multiple directions
(Figure 2-2 (a)). These interactions are either inelastic or elastic depending on whether the incident
electrons lose energy or not. The elastically scattered electrons are the major source of contrast in bright-
field (BF), dark-field (DF) as well as high resolution (HR) TEM imaging. The elastically scattered electrons
can undergo low or high-angle scattering as shown for a single atom in Figure 2-2 (b). Low angle scattering
mostly results from the interaction of electrons with the outer electron cloud of an atom. The electrons that
mainly scatter elastically at low angles can interfere coherently and result in diffraction. Electrons getting
close to the nucleus are strongly attracted by it. These elastic electron-nucleus interactions result in
Rutherford scattering to high angles, which primarily depends on the atomic number (Z) of the element.
The Rutherford scattered electrons contribute to Z-contrast during imaging in TEM or scanning TEM
(STEM).

During transmission, some of the electrons lose energy due to inelastic scattering. The energy
distribution of the electrons can be analyzed by electron energy loss spectroscopy (EELS). Inelastically
scattered electrons and the signals generated from them primarily provide information about the chemical
composition of the specimen. The incident electron loses characteristic energy in knocking out an inner
shell electron from an atom characteristic for that element. Depending on the energy lost by the electrons,
these can be broadly classified into low or high energy loss regions in the EELS spectrum. The electrons
that transmit the specimen without losing energy contribute to the high-intensity zero-loss peak (ZLP). The
low-loss region (0-50 eV) corresponds to the excitation of electrons in the delocalized orbitals and consists
of information related to the weakly bound valence and conduction band electrons. The high-loss region
(50-4000 eV) corresponds to the excitation of localized orbitals in an atom to the unoccupied states above
the Fermi level. It provides information related to the strongly bounded core-shell electrons, atomic
bonding, band structure, elemental composition, atom-specific radial distribution function, etc.

2.2.2 Crystallography in Materials

Periodicity at the atomic or molecular scale is a fundamental property of crystalline materials. A crystal
lattice describes the periodic arrangement of lattice points with translational symmetry. The lattice can be
represented using a set of three non-coplanar fundamental translation vectors (Figure 2-3). A unit cell,
which can be a single atom or a group of atoms, when placed at each lattice point generates the full periodic
crystal structure. The lattice is characterized by the lengths of the fundamental translation vectors a, b, and
¢ and the angles between them «, 8 and y. The entire crystal can be generated by translation of the unit cell
by the fundamental vectors as:

dyyz = x*a+y*b + z*c 2-4

where dyy, represents the vector joining the origin to the lattice point with coordinates x, y, and z. Crystal
structures can be classified into 7 crystal systems and 14 Bravais lattices with varying symmetries.
Amongst these the cubic systems possess the highest symmetry.
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Figure 2-3 lllustration of the crystal lattice in real space and the corresponding lattice in reciprocal space.
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Each crystal lattice can be described using crystallographic planes and directions. The crystallographic
directions are represented in real space using vectors joining the origin of a unit cell to that of another and
are expressed in the form <uvw> [174]. A family of crystallographic planes is defined by Miller indices that
are usually represented by a triplet {hkl}. The (hkl) plane parallel and closest to the plane from the same
family passing through the origin intercepts the unit translational vectors at a/h, b/k, and ¢/l [174]. Three
crystallographic planes formed by the fundamental lattice translation vectors are shown in Figure 2-3. The
crystallographic planes may be used to define the orientation of the crystals in single or polycrystalline
samples.

A crystal lattice in real space can be associated with a corresponding lattice in reciprocal space (Figure
2-3). Each point in reciprocal space is represented by a set of lattice planes (hkl) of the crystal lattice in real
space. In reciprocal space, a plane (hkl) with the lattice spacing dwu is represented by a vector of length
1/dn normal to that plane. The reciprocal lattice vector is constructed by joining the origin to the
corresponding reciprocal lattice point. Similar to the crystal lattice, the reciprocal lattice can be generated
using the fundamental lattice translation vectors a*, b* and c*, which are mathematically related to the real
space vectors as:

« _ bxc
T a.bxo)
« _ CcXa )
b " b.(cxa) - 2-5
« _ axb
" c.(axb)

The present thesis is focused on body-centered cubic (BCC) and face-centered cubic (FCC) materials.
Figure 2-4 shows the lattice structure of the BCC and FCC unit cells with atoms as motif located on each
lattice point. Since both unit cells belong to the family of cubic lattices, the lattice translation vectors and
the angles between themarea=b=cand a ==y =90°

Body-centered cubic Face-centered cubic

Figure 2-4 Body-centered and face-centered cubic unit cells. Solid lines indicate the edges of the unit cells whereas dashed lines indicate
the connectivity between pairs of atoms.

The BCC unit cell consists of 2 atoms located at positions (0,0,0) and (1/2, 1/2, 1/2). The atom at the
origin is located at the corner of the unit cell and it is shared with 8 neighboring unit cells. The second atom
is located at the center of the unit cell. The atom at the center is connected to 8 atoms located at the corner
of the unit cell. For BCC, the {110} planes are the most densely packed planes and the <111> directions are
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the most densely packed directions. Slip during mechanical deformation occurs on the {110} as well as the
{112} and the {123} planes along the <111> directions.

The FCC unit cell consists of 4 atoms each located at (0,0,0), (1/2,1/2,0),(0,1/2,1/2)and (1/2,0,1/2).
The atom at the origin is located at the corner of the unit cell and is shared with 8 neighboring unit cells.
The other 3 atoms are located at the center of each face of the unit cell. Each atom at these faces is shared
between 2 unit cells. The atoms at the center of each face are connected to 4 atoms at the corners as well
as 8 atoms that are at the center of the orthogonal faces. Thus, the atoms at the face center have the
coordination number 12. FCC has a greater packing fraction or atomic density compared to the BCC unit
cell. The ideal stacking sequence of the atomic layers in FCC structure is in the form ABCABC... which
constitutes the typical cubic close-packed structure. For FCC, the {111} planes are the close-packed planes
and the <110> directions are the close-packed directions. They constitute the primary slip system during
mechanical deformation.

2.2.3 Electron Diffraction

Electron diffraction occurs due to coherent elastic scattering of incident electrons by specimen along
with certain directions. To interpret electron diffraction, the electrons are treated as plane waves
illuminating the specimen. The incident plane wavefront propagating along a given direction can be
expressed using a time-independent term as:

P, (r) = @, e2mkr 2-6

where W; (1) is the wave function describing the incident wavefront, W, is the amplitude of the wave, k is
the wave vector and r is the distance propagated by the wave. The plane electron wave elastically scattered
by an atom can be described by a spherical wave function as:

2mikr

W, (r,0) =W, f(0) 2-7

where W, (r, 0) is the wave function describing the scattered wavefront, 0 is the angle of scattering, f (8) is
the atomic scattering factor, which depends on the atomic number (Z). The resultant wavefront (¥;) is the
sum of the incident and scattered wavefronts:

eZ‘l‘[ikr ]

W= W W= W, [ 4 £ (9) S

2-8

Figure 2-5 (a) shows a parallel beam of electrons traveling along paths P1 and P2, incident at an angle 6
to crystal planes with interplanar spacing d. As the rays are inclined to the planes, it is seen that P2 travels
a different distance compared to P1. From the geometry, a path length difference of d sin 0 is introduced
between the rays as the parallel rays are incident on the two crystal planes. The difference in the path
length results in a change in the phase of the waves. Constructive interference of the waves occurs if the
path length difference is an integral multiple of the wavelength (Figure 2-5 (b)). On the other hand, when
completely out of phase, they cancel each other and lead to destructive interference. The waves resulting
from the constructive interference are termed as the diffracted beams and these occur only in certain
directions defined by Bragg’s law expressed as:

/1:2*dhk|sin9 2-9
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where A is the wavelength of the electron wave and du is the interplanar spacing between the planes with
Miller indices hkl.

(@) P1 (b)

incident beam

diffracted beam

Figure 2-5 (a) lllustration of diffraction of the waves scattered by crystal planes, and (b) sinusoidal waves with a phase difference of
integral multiple of 27 reinforce each other leading to constructive interference.

Bragg’s law (Eq. 2-9) derived using the crystal lattice in real space can be expressed using reciprocal
space or k-space as well. To realize that, two wave vectors K; and Ky in the direction of the incident and
scattered waves are considered in Figure 2-6. The length of these vectors is 1/A. Diffraction of plane waves
occurs if these are coherent. The vector (K) describes the difference between incident and scattered wave:

K=Kg—K; 2-10

Figure 2-6 lllustration of the incident and diffracted wave vectors in k-space.

From the geometric arrangement of the vectors K;, K4 and K in Figure 2-6:

K| /2=]Ki] sin®=|Kg| sin® =sinB /A 2-11

|[K| =2sinB8/A1 2-12
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At the Bragg condition (Eq. 2-9) with 6 = 05,

1//1 =1 / Zdhk| sin 93 2-13

Eqg. 2-12 and Eq. 2-13 lead to

K| =1/ dh = ghu 2-14

Figure 2-7 lllustration of Bragg’s law in reciprocal space using the Ewald sphere of reflection.

The Ewald sphere construction is a convenient approach to visualize the Bragg conditions in the 3D
reciprocal space. The Ewald sphere is a sphere of radius 1/4 that passes through the origin O of the
reciprocal lattice and is represented by a circle in 2D. The incident wave vector K; is drawn passing through
0 and it defines the center C of the sphere (Figure 2-7). The scattered wave vectors may be drawn in any
direction from C and will have the same length equal to 1/ A. As explained above, constructive interference
can occur when K = Kq4 - Ki corresponds to gna with the scattered wave vectors ending on a reciprocal lattice
point. This is represented by OA in the present case. From the geometry in Figure 2-7, CB bisects angle ACO.
It is perpendicular to gna and thus represents a plane perpendicular to gwa. Therefore, Kq - Ki represents a
vector OA which is perpendicular to the (hkl) plane. For any point of the reciprocal lattice that intersects
the Ewald sphere, the Bragg condition is satisfied for the set of planes corresponding to the point of
intersection. Thus, at the Bragg diffraction condition:

K =Kg—Ki = gnha = ha*+kb*+Ic* 2-15

The reciprocal lattice can be treated as an array of points in 3D if the specimen is perfect and infinite in
all directions. However, in practice, TEM specimens are thin (< 200 nm) along the direction parallel to the
incident electron beam. The small thickness of the specimen in real space leads to an elongation parallel to
the incident beam in reciprocal space (Figure 2-8). These elongated diffraction spots are often termed as
‘rel-rods’ and their length is inversely proportional to the thickness of the specimen. If the Ewald sphere
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intersects these rel-rods, Bragg's reflection can still be excited even if the Bragg condition is not exactly
satisfied. The intensity of these reflections is dependent on the extent of their deviation from the exact
Bragg condition. This deviation can be quantified using the excitation error s. From Figure 2-8, K is
expressed as:

K=g+s 2-16

s in the above equation may be changed by tilting the specimen or by tilting the beam. Tilting the beam
shifts the Ewald’s sphere as K; is tilted whereas tilting the specimen moves the reciprocal lattice itself.

Figure 2-8 lllustration of excitation error and the diffraction at ‘non-Bragg’ condition.

The intensity of the diffraction spots arises as a result of scattering from atoms present in the crystal
unit cell. To evaluate the intensities, contributions from the atoms in the crystal unit cell are taken into
account. In kinematical diffraction theory, the intensities are described by superimposing the wave
functions scattered from each atom considering the specific position in the unit cell. From Eq. 2-7, the
intensity of the scattered waves from an atom can be summed for all the atoms in the unit cell and the
scattered wave function for the cell (W) can be calculated as:

2mikr

Y= eTZ?n:l fm exp (2 Ui K.rm) 2-17

Using the above formulation, a simplified form of the structure factor related to scattered waves from the
cell can be expressed as:

Feen (0)=XYn_1fm(0)exp (2miKirm)=Y0_1fn(0)exp (2 Tigh.Im) 2-18

where F is called the structure factor of the unit cell that expresses the amplitude and the phase shift
of the reflection corresponding to hkl, f is the atomic scattering factor, n is the number of atoms in the unit
cell, 6 is the scattering angle, K is the change in the wave vector, ry, is the position each atom in the unit cell,
gnia is the reciprocal lattice vector for a given lattice plane. The intensity of the reflection gh is proportional
to the square of the corresponding structure factor Fnu. The kinematic approach, thus, allows predicting
the intensities of the Bragg reflections, which are important for identifying crystal structure as well as
crystal orientations.
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2.3 Scanning Electron Microscopy and Focused lon Beam

Scanning electron microscopy (SEM) is a technique in which a finely focused electron beam is scanned
over a specific region of a sample with a defined step size. As shown in the schematic (Figure 2-9), an SEM
consists of an electron gun, an electromagnetic lens system, and a detection system. The beam is generated
by an electron source and typically accelerated with a voltage in the range of 1 to 30 kV. The condenser
lens demagnifies the electron beam cross-over produced by the gun. The scanning coils deflect the beam
and move it along discrete points to generate a rectangular raster on the specimen. Finally, the objective
lens further demagnifies and focuses the electron probe on the specimen. The electron beam scanning the
sample interacts with a localized region of the sample and generates SEs, BSEs, AEs, X-rays, etc. SEs and a
fraction of BSEs are collected by an Everhart-Thornley detector (ETD). It is asymmetrically located with
respect to the sample inside the SEM and is highly directional in collecting the electrons. Mainly the low
energy SEs are collected by applying a positive bias to the ETD. The BSEs are mainly detected with the aid
of a dedicated BSE detector located almost symmetrically above the specimen to collect electrons with a
high take-off angle with high collection efficiency [172]. A through-the-lens detector (TLD) efficiently
collects SEs with the aid of the magnetic field of the objective lens to direct the SEs to a detector inside the
column. The X-rays are collected by an energy dispersive X-ray spectrometer (EDS) which consists of a
solid-state silicon drift detector that absorbs X-ray photons and an X-ray spectrum is produced with the aid
of a charge-to-voltage converter.
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Figure 2-9 Schematic of SEM showing the electron source, lenses, and the detection system.

A focused ion beam (FIB) system is similar to an SEM considering the operational procedure. One of the
basic differences is that the beam scanned over the sample is an ion beam. Typically, a finely focused ion
beam is generated from a gallium liquid metal ion source (LMIS) [175,176]. A dual-beam FIB comprises
both a scanning electron beam and a scanning Ga* ion source inclined at a defined angle (typically 52°) to
it. The ion beam is used for precise milling or patterning at the micro-/nanoscale while the electron beam
is used for imaging. Further, a dual-beam FIB can be equipped with a gas injection system (GIS) for
depositing metals and insulators. The combination of an SEM and a FIB in one equipment thus provides a
versatile micro- and nanoscale fabrication and analytical tool.

In the present work, a FEI Strata 400S Dualbeam system was employed for conventional as well as in
situ TEM specimen preparation. For the preparation of a conventional TEM lamella, a protective Pt layer is
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initially deposited on the region of interest. This is followed by milling around this region to form
rectangular trenches. The dimensions of these trenches depend on the size of the desired lamella. The
lamella is partially cut from the specimen using the ion beam. A micromanipulator is navigated and brought
close to a corner of the lamella and welded, typically using Pt. The lamella is then detached from the bulk
and lifted from the specimen. Afterwards, the specimen is transferred and welded to a TEM grid. Final
thinning of the lamella is performed from both sides using Ga* ions by sequential under- and over-tilting
the stage.

One of the critical aspects to be considered during specimen preparation is the implantation of Ga* and
the resulting FIB-induced damage. The impact of the high-energy Ga* on the specimen does not only lead
to the removal of material by sputtering but also the formation of a damage layer at the surface and gallium
implantation [177]. The damage may result in amorphization of the specimen, incorporation of point
defects or dislocations and it may extend several tens of nanometers in the specimen. The extent of this
damage is governed by the ion beam energy, the incidence angle during milling as well as the ion current.
Therefore, the TEM specimens for the present study were prepared by milling using the following
parameters:

» adjusting the over and under-tilt of the stage (tilted by 52°) in the range of + 5° to produce a uniform
sample thickness

« reducing the accelerating voltage in steps from initially 30 kV to 16 kV, 8 kV, and 2 kV for the final
polishing

« reducing the beam current from a few nA to a few tens of pA as the thinning progressed.

In situ lift-out of thin film Thin film transfer to target gap

Metal film on C substrate
B

Figure 2-10 Procedure for in situ lift-out of a thin film, transfer and mounting it on an in situ testing device inside FIB.

The FIB-induced damage and ion implantation become even more critical for the transfer and
preparation of in situ TEM specimens. Figure 2-10 shows the transfer process of a thin metallic film to an
in situ straining device inside the FIB. The in situ transfer is achieved with the aid of a rectangular transfer
frame made of gold. The frame is initially attached to the micromanipulator, which is brought in contact
with the film and welded to it. The transfer frame offers good mechanical stability to the film and allows
for its parallel placement on the device with minimum bending or folding. During this transfer process, the
specimen is not exposed to the ion beam to prevent damage or Ga* implantation. The film along with the
frame is transferred and attached to the in situ devices using Pt. Pt is deposited using the e-beam, which
has proven to minimize contamination. A portion of the transfer frame and the thin film is milled through
the gap of the device to produce a thin film specimen of desired dimensions for in situ TEM experiments.
As alast step in the preparation, the in situ specimens in the present study were cleaned using a Fischione
1040 NanoMill, which uses Argon ions at low voltages of less than 500 eV. This facilitated the removal of
any residual Pt contamination that occurred during the preparation.
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2.4 Transmission Electron Microscopy

Transmission electron microscopy (TEM) is a technique in which a beam of high-energy electrons
illuminates and transmits a thin specimen. The transmitted electrons are used to form images, diffraction
patterns, and energy loss spectra that allow for obtaining information related to the structure and
chemistry of the materials down to the atomic scale. The instrumental set-up of a TEM consists of an
electron gun, a series of electromagnetic lenses, and a detection system as schematically shown in Figure
2-11. The electron gun extracts electrons from the source and generates a fine cross-over. The gun cross-
over acts as an object for the first condenser lens (C1). The primary role of the C1 lens is to form a
demagnified image of this cross-over which acts as an object for the second condenser lens (C2). The C1
lens controls the spot size in TEM. A higher spot size means a greater lens current, smaller beam size, and
reduced beam current. The C1 and C2 lenses operate together to control the intensity and size of the
illuminated area with the aid of the condenser aperture. The C1 and C2 lenses work in conjunction with the
upper objective (pre-field) lens to illuminate the specimen in parallel or convergent beam mode. The
electron beam after transmitting the specimen is collected by the lower part of the objective lens, which
operates to form a diffraction pattern at its back-focal plane and an image at the intermediate image plane.
To see an image or diffraction pattern from the specimen, the strength of the intermediate lens is adjusted
such that the image or the back-focal plane of the objective lens acts as the object plane of the intermediate
lens (as seen in Figure 2-12). The image or diffraction patterns are projected on a viewing screen, charge-
coupled device (CCD) camera, or other detectors using the projector lens system. The energy loss electrons
are collected by an image filter to produce EELS spectra and energy-filtered images.
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Figure 2-11 Ray diagrams illustrating the optics in a conventional TEM showing the electron source and electromagnetic lenses
constituting the illumination, imaging, and projection system in (a) TEM mode and (b) STEM mode.

In the present study, two transmission electron microscopes, a Tecnai F20 ST and a Titan 80-300 from
the FEI company were employed for the structural and compositional characterization. The Tecnai
operated at 200 kV and the Titan operated at 300 kV were equipped with a two- and three-condenser lens
system, respectively. Both microscopes were used for classical TEM imaging, electron diffraction, and
scanning TEM using a high angle annular dark-field (HAADF) detector. The Tecnai was further equipped
with a DigiSTAR system from NanoMEGAS which was mainly used for automated crystal orientation and
phase mapping. The Titan was used to perform energy-filtered TEM spectral imaging (EFTEM-SI) for
thickness mapping as well as compositional characterization by elemental mapping.
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2.4.1 TEM Imaging and Diffraction

For TEM imaging (Figure 2-11 (a)), the C1 lens produces a demagnified image of the cross-over before
the C2 lens. The C2 lens further focuses and forms an image of the C1 cross-over on the front focal plane of
the upper objective lens. The upper objective lens then illuminates the specimen with a parallel beam of
electrons. Figure 2-12 shows the optical ray diagrams illustrating the image and diffraction pattern
formation in a TEM. All rays scattered in the same direction from the object are focused by the objective
lens at the same point on the back-focal plane to form a diffraction pattern whereas all rays emanating from
the specimen are focused by the objective lens to meet on the conjugate (image) plane of the objective lens,
thereby forming an image of the specimen. Coherent interference between the direct and diffracted beams
from the specimen results in the formation of contrast in the images [178]. The direct and/or diffracted
beams are selected with the aid of an objective aperture which is inserted in the back-focal plane of the
objective lens. The scattered electrons selected using the objective aperture in the back-focal plane are an
effective source for image formation. The size of the aperture controls the spatial frequencies in Fourier
space that are allowed to form the image and thus limit the spatial resolution during imaging.
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Figure 2-12 Ray diagrams describing the optics in parallel illumination modes: (a) BFTEM, (b) DFTEM, and (d) SAED.

If the direct beam is selected to form the image, a bright-field (BF) image (Figure 2-12 (a)) is formed,
whereas blocking the direct beam and selecting one or more diffracted beams forms a dark-field (DF) image
(Figure 2-12 (b)). For the dark-field (DF) imaging (Figure 2-12 (b)), the electron beam is tilted with respect
to the optic axis so that the desired diffracted beams are parallel to the optic axis. To obtain a diffraction
pattern from a specific region of the sample, a selected area diffraction (SAD) aperture (Figure 2-12 (c)) is
inserted in the image plane of the objective lens to select the region of interest. The SAD aperture allows
only the rays emanating from a specific region and excludes the rays that do not illuminate this region.
Since the object and image planes are conjugate to each other, inserting the SAD in the image plane is
equivalent to inserting a ‘virtual’ aperture in the plane of the specimen. The microscope is then switched
to diffraction mode to form a diffraction pattern on the CCD or screen.

The images formed under parallel illumination, typically in the BFTEM, exhibit amplitude contrast. This
contrast is sensitive to the atomic number and thickness (mass-thickness contrast) as well as due to the
Bragg-scattering (diffraction contrast). For crystalline specimens, this contrast is mostly sensitive to the
local changes in the diffraction conditions due to defects (dislocations or stacking faults), strain fields,
composition, thickness, etc.
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2.4.2 Scanning Transmission Electron Microscopy

In scanning transmission electron microscopy (STEM) mode, a focused probe of (sub)nanometer size is
formed on the specimen and the illumination is convergent. In STEM mode, the beam scans parallel to the
optic axis of the TEM without changing its direction. To achieve parallel scanning, two pairs of deflection
coils deflect the beam such that the beam pivots at the front-focal plane of the upper objective lens (Figure
2-11 (b)). In STEM, the convergence angle determines the minimum probe size that can be formed at the
specimen. The smallest probe diameters are obtained using large condenser apertures resulting in a
convergence angle of ~10 mrad for uncorrected microscopes [150] and for Cs corrected STEM systems it is
in the range of 15 to 50 mrad [179]. The convergence angle (6.) determines the limit of diffraction
broadening (dq) of the probe, expressed as 0.61 1/6. (Eq. 2-2). Apart from dg, the effective size of the probe
is influenced by contributions from aberrations. Spherical aberration leads to a distortion of the wavefront
causing the waves away from the optic axis to bend more than those closer to it. As a result, the rays
emanating from a point in the object plane do not converge at the same point in the image plane and the
point is imaged as a disk. The minimum diameter (ds.) of this disk is obtained in the plane of least confusion.
dsa determines the resolution limit due to the spherical aberration and is given as 0.5Cs6.3, where C; is the
spherical aberration coefficient. Chromatic aberration leads to a dispersion of the beam depending on the
energy of the electrons. They are focused on different planes depending on their energy. Electrons with
lower energy are more strongly focused than those with higher energy, leading to a disk of least confusion
(do), given as (AE/E,)CcO., where C. is the chromatic aberration coefficient, AE is the change in energy of
electrons from the initial energy of the beam, E,. Apart from aberrations, the disk of least confusion can
arise as a result of an error in focusing (Af). Af corresponds to the difference in the focal length of the
objective lens and the focal length needed to focus the probe on the specimen. The contribution, ds, to the
probe size due to defocus is given as 20:Af. For a source with geometrical size (ds) and taking into account
lower-order aberrations, the total probe size (diameter, d,) can be expressed by adding the quadrature of
various contributions to d, as [178]:

doz = dsz + ddz + dsaz + dcz + df2 2'19

The smallest probe size is obtained by simultaneously minimizing all the quantities in Eq. 2-19 and
corresponds to a convergence in which the superimposed contribution from the demagnified electron
source size, aberrations, and diffraction effects at the beam limiting aperture is minimal [180].
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Figure 2-13 Schematic of the scanning probe and the detection system in STEM mode.
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For acquiring an image, at each point during scanning, a STEM detector collects the electrons scattered
in a certain angular range and records the intensity in an image (Figure 2-13). While the geometry of the
detector is fixed, the electrons scattered at a specific range of angles may be suitably adjusted by the camera
length ‘L’ that determines the collection angle. The bright-field (BF) detector collects the electrons
scattered at low angles (< 10 mrad) to form BF images. The annular dark-field (ADF) detector collects the
electrons scattered at intermediate (typically 10-40 mrad) scattering angles. These signals have a
significant contribution from Bragg diffraction and thus allow to distinguish between different phases or
crystallites of different orientations [181]. On the other hand, electrons scattering at sufficiently high angles
(40 mrad or greater) contain information due to the Rutherford as well as thermal diffuse scattering and
are collected by the high angle annular dark-field (HAADF) detector. The contrast obtained due to these
electrons is sensitive to the atomic number ‘Z’ of the elements present in the specimen [182].

With small probe sizes, the convergent electron beam can be employed to acquire diffraction from small
volumes to perform spatially high-resolution diffraction experiments [183]. Due to the convergence of the
beam in conventional or nanoprobe STEM, each diffraction spot appears as a disk. The diameter of the
diffraction disk is proportional to the convergence angle. Each point within the disk corresponds to a
distinct direction within the cone of illumination. Large convergence angles of several mrad lead to
overlapping diffraction disks. This makes the diffraction disks difficult to interpret, especially if the crystal
is out of zone axis orientation and a limited number of disks are present in the diffraction pattern. As a
result, nanoprobe STEM imaging with large convergence angles is not suited for orientation identification
of the individual grains in nc materials.

Quasi-parallel probes with reduced convergence angles can be formed by using STEM imaging in
microprobe mode. Figure 2-14 represents the optics of the probe formation in microprobe (red rays) as
well as in nanoprobe (green rays) STEM modes. In nanoprobe mode, the upper objective lens produces a
strongly demagnified image of the C1 crossover on the specimen. In microprobe mode, a mini condenser
(MQ) lens is used unlike in the nanoprobe mode for which the lens current is inverted in the FEI twin-lens
systems. In this mode, the C2 lens setting remains the same as in nanoprobe mode and a beam cross-over
is formed above the MC lens. The MC lens uses this crossover and works in combination with the upper
objective lens to form a probe on the specimen. From Figure 2-14, it is understood that reducing the
strength of the C2 lens and a strong excitation of the MC lens can reduce the convergence angle.

C1 crossover

Second condenser lens (C2)
C2 aperture

“‘

Minicondenser lens

¥ 7 Upper objective lens

Specimen

Lower objective lens

Figure 2-14 Ray diagram illustrating the optics of forming a quasi-parallel probe in microprobe STEM mode (red rays). As a comparison,
green rays are indicating the nanoprobe STEM mode.
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The C2 aperture plays a critical role in selecting the electrons that emanate from the C1 crossover and
are transferred by the C2 lens. From both the green and red rays (Figure 2-14), it is understood that the
size of the C2 aperture defines the maximum acceptance or collection angle of the beams transferred by
the C2 lens. The strength of the C2 and MC lenses and the C2 aperture size control the convergence angle.
In nanoprobe mode, even with the smallest condenser aperture, the convergence angle obtained at the
specimen is still larger compared to the microprobe mode. The beam convergence is reduced using a
smaller condenser aperture (30-50 pm) to produce a semi-convergent beam in the range 0.5-2 mrad
[184,185]. With the low convergence angles and achievable probe sizes of 1 nm, microprobe STEM imaging
is a useful approach for STEM diffraction mapping of nc materials. As a sufficient number of diffraction
spots can be obtained, this approach is well-suited for reliable identification of the orientation of
crystallites that are randomly oriented including the ones away from zone-axis orientations.

2.4.3 Precession Electron Diffraction

Precession electron diffraction (PED) is a technique developed by Vincent and Midgley in the mid-1990s
[186]. This technique enables the acquisition of electron diffraction patterns whose intensities appear to
be less sensitive to dynamic scattering effects thereby making the diffracted intensities more suitable for
solving crystal structures [187]. This was achieved by rocking the incident electron beam in a hollow
conical above the specimen and compensating by additional hollow conical de-rocking below the specimen
as shown in Figure 2-15. By de-rocking below the specimen, the circular motion of the reflections is
arrested to produce a stationary diffraction pattern that has the same geometry as a conventional pattern
[188]. This procedure is known as the double-conical beam-rocking, which is equivalent to precessing the
specimen at a fixed angle around the beam direction as the diffraction pattern is recorded [186].
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Figure 2-15 Block diagram of the electronics driving the double-conical scanning system for the deflection coils above and below the
specimen (modified from [186]).

For thin TEM specimens, the reciprocal lattice points are elongated and the diffracted intensities depend
on the excitation error s (Figure 2-8). A small change in the specimen tilt affects the resulting intensities
for classical diffraction patterns without precession. In PED, the Ewald sphere systematically moves and
spans over a specific angular range in 3D reciprocal space (Figure 2-16). As the Ewald sphere moves, it
intersects multiple reciprocal lattice points thereby exciting several reflections compared to the case of a
beam without precession. In addition, for almost all reflections, the Ewald sphere covers the entire range
of excitation errors for which Bragg’s reflections are still visible. As a result, the intensities in a PED pattern
are integrated through the Bragg condition. The diffraction intensities closer to kinematic conditions
facilitate the identification of crystal symmetry. Furthermore, the constantly precessing beam suppresses
multiple scattering events that result in dynamical diffraction. Thus, the intensities of reflections are closer
to those under kinematical conditions.
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Figure 2-16 Excitation of multiple Bragg’s reflections due to the precession of incident electron beam.

A large number of diffraction spots and their kinematic intensity distribution make PED an ideal
approach for orientation determination by template matching [189]. Scanning precession electron
diffraction (SPED) can be employed to obtain information spanning several micrometers of the specimen
area with a nanometer spatial resolution. Thus, SPED is used to extract quantitative crystal orientation and
phase information from a large number of crystallites with sizes in the nanoscale regime.

2.4.4 Automated Crystal Orientation Mapping in STEM

Automated crystal orientation mapping in STEM (ACOM-STEM) is a technique in which a probe of
electron scans the specimen with or without precession and acquires the electron diffraction patterns from
each point. The electron diffraction patterns are collected either using a CCD camera or a fast frame capture
camera [188,190]. Scanning and precession are controlled by a dedicated external device for PED, called
the DigiSTAR™ system from NanoMEGAS company, Brussels, Belgium, for which the TEM itself does not
need to be equipped with an additional scanning system [190-193]. A schematic of the ACOM-STEM is
shown in Figure 2-17 indicating the coils used for performing the scanning and precession functions. These
functions are controlled by the Topspin™ user interface.

In the present work, this technique was employed in microprobe (uProbe) STEM mode on a FEI Tecnai
F20-ST TEM operated at 200 kV. A fine probe of approximately 1 nm is formed in this mode with a quasi-
parallel beam of electrons using a condenser aperture of 30 pm leading to a semi-convergence angle of
around 1 mrad. The precession of the beam is accomplished using two pairs of coils above the specimen
named beam deflection coils upper X and Y and beam deflection coils lower X and Y (Figure 2-17) that
induce a circular rotation of the electron beam on the front-focal plane of the upper objective lens. To
perform this rotation, the signals that are sent to each deflection coil are generally of a sinusoidal form.
Thus, the parameters defining each signal are the amplitude, the phase, and the offset (Figure 2-15)
[186,194]. Depending on these parameters, a varying range of precession angles can be achieved. In the
present work, precession angles were used in the range 0.3° to 0.5°. As discussed in the previous section,
the precession of the electron beam is ‘descanned’ below the specimen to get a stationary diffraction
pattern. The stationary diffraction pattern is projected on a fluorescent screen and imaged using the
Stingray camera with a typical acquisition rate of 100 frames per second. As illustrated in Figure 2-18, at
each beam position, the corresponding diffraction pattern is recorded and an image can be formed by using
a virtual aperture in the Topspin™ user interface.
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Figure 2-17 Ray diagram illustrating the automated crystal orientation mapping in microprobe STEM mode with the precessing electron
beam.
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The typical step size used is in the range 1-4 nm depending on the desired resolution for the features of
interest and a typical sampling size is 2 pm x 2 um. Since each pixel in the resulting 2D image consists of a
2D diffraction pattern, the technique is sometimes also referred to as 4D STEM. The details regarding
indexing of the diffraction data to obtain orientation and phase maps will be introduced in the next chapter.
The major advantages of the ACOM-STEM may be summarized as follows:

« the spatial resolution of 1 nm and angular resolution of about 0.4° for a single measurement with
reasonable statistics for reliable quantification

« precession of the incident electron beam leads to excitation of a larger number of reflections which
enables more accurate orientation determination

» precession allows for the acquisition of diffraction patterns with near-kinematical conditions by
integrating the intensities over a large interval of the excitation error and suppressing dynamic diffraction
effects

« full crystallographic orientation information including both in and off-zone axis orientations unlike
classical imaging techniques like DFTEM, BFTEM, nanobeam diffraction or CBED

« operation in pProbe STEM mode allows for the acquisition of fast overview/reference images without
switching from diffraction to image mode making it more suitable for in situ TEM investigations to obtain
correlative information from a local area of the specimen

o from the crystallographic information obtained from each crystallite, a more comprehensive
quantitative understanding of various microstructural parameters like accurate grain size distribution, GB
character (e.g. twin boundaries and CSL boundaries), GB misorientation distribution, intragranular
misorientation, global texture analysis, the spatial distribution of phases, etc. is achievable
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Figure 2-18 Application example of precession assisted automated crystal orientation mapping in TEM showing orientation mapping of
a deformed FCC high entropy alloy revealing the structure with several hundred nanoscaled grains with an average grain size of 50 nm,
sample provided by Benjamin Macdonald, University of California, Irvine, USA. The mapping was performed using pProbe STEM mode
with step size 2 nm, precession angle 0.5°, camera length 80 mm and the total area scanned was 2.4 um x 2.4 um. The virtual bright-field
STEM image is formed by using the central beam in the electron diffraction patterns during acquisition.

40 Experimental Methods and Data Acquisition



2.4.5 Energy Filtered Transmission Electron Microscopy

Electron energy loss spectroscopy (EELS) is a technique used for analyzing the energy distribution of
the electrons transmitting the specimen. The inelastically scattered electrons provide information about
the atomic and electronic structure of the material and produce images with contrast sensitive to chemical
composition. In the Titan 80-300, the EELS setup primarily consists of a magnetic prism installed below
the viewing screen of the TEM. The prism collects the electrons from the projector crossover and separates
them in the form of a spectrum based on their energy loss. The electrons with higher energy loss are
deflected stronger compared to the low-loss or zero-loss electrons, forming a spectrum in the dispersion
plane with the electron intensity analyzed versus the energy loss. The electrons coming from the projector
crossover could be selected by a variable entrance aperture before they enter the prism. The size of the
projector crossover and entrance aperture is critical in defining the energy resolution in EELS. A small
crossover and a smaller aperture offer a better energy resolution by excluding the electrons traveling off-
axis at larger angles, thereby minimizing the influence of aberrations. The scattering cross-section of the
electrons is highly sensitive to the scattering angle and electrons with a given energy loss are scattered
within a specific angular range. As a result, the collection angle of the spectrometer becomes crucial in
governing the intensities in the EELS spectrum which is important for quantitative analysis. In TEM/STEM
diffraction modes, the collection angle is controlled by the size of the entrance aperture, whereas in the
TEM image mode, it is controlled by the size of the objective aperture [173].
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Figure 2-19 Schematic ray diagram showing the step-wise formation of a filtered image using an image filter in EFTEM (modified from
[173]).

The inelastically scattered electrons with a specific energy that are dispersed by the spectrometer can
be selected or filtered using an energy selecting slit. Energy filtered transmission electron microscopy
(EFTEM) is a technique by which these filtered electrons can be used to form images or diffraction patterns
(DPs). Figure 2-19 illustrates a schematic for the formation of an energy-filtered image in five steps using
an image filter. In step 1, an unfiltered image or DP is formed by the objective lens before the filter. In step
2, the magnetic prism collects these specific electrons that form image/DP and disperses them to form the
energy spectrum. In step 3, an energy slit of defined width is used to select a part of the spectrum and filter
the electrons within a given range corresponding to specific energy loss. The filtered electrons are then
collected by a projector lens to form an energy-filtered image/DP. Lastly, the image or DP formed by the
projector is detected by the CCD camera. The energy slit is located at the dispersion plane of the filter. To
visualize the spectrum instead of the filtered image, the slit is removed and the focus of the projector lens
is changed to project the dispersion plane onto the CCD. Important aspects of EFTEM imaging are the
contrast enhancement and the quality of the resulting image. The contrast and the image quality can be

Experimental Methods and Data Acquisition 41



enhanced by selecting a narrow energy window during energy filtering which suppresses the influence of
chromatic aberrations. An important advantage of the EFTEM is that it allows the zero-loss and inelastic
filtering of the images/DPs which significantly enhances the contrast by removing the inelastically
scattered electrons. Further, selecting the electrons with specific energy loss allows to tune the contrast at
any energy and obtain images with compositionally sensitive information. In the present study, a Gatan
Imaging Filter (GIF) Tridiem installed at the Titan 80-300 was used to acquire thickness and elemental
maps using the EFTEM imaging.

Thickness maps can be produced in EFTEM by acquiring an unfiltered and a zero-loss image from the
same area of the specimen. The thickness determination is based on the mean free path length of electrons
for inelastic scattering. The mean free path length (A) for inelastic scattering corresponds to the average
distance traveled by the electron between inelastic scattering events in the specimen. It primarily depends
on the energy of the incident beam and the material itself. If t is the thickness of the specimen, the average
number of times an electron is scattered inelastically is t/A. The probability for no inelastic scattering
events to occur (P) based on the Poisson statistics is given by:

P=exp (-t/A) =1/ It 2-20

Based on the above formulation, the relative thickness map can be computed as:
t/A=-In(lo/ ) 2-21

where [, is the integrated intensity of the zero-loss peak obtained from a zero-loss filter image, I;is the total
integrated intensity of the entire spectrum obtained from the unfiltered image.
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Figure 2-20 Schematic showing background subtraction based on the three-window method for evaluation of the net intensity of an
ionization edge in EFTEM elemental mapping.

For elemental mapping using EFTEM, filtered images can be generated using the core energy loss
corresponding to inner-shell ionization edges. In this core-loss imaging, the areas of the specimen that
contain a specific element give rise to the corresponding ionization edge and appear brighter in the filtered
image. The most crucial aspect in the EFTEM elemental mapping is the accurate identification of the edges
and evaluation of their intensities. This is achieved by subtracting the background of the intensity versus
the energy-loss curve. For subtracting the background in the present study, the three-window method was
employed. In this method, three energy-filtered images are acquired. Two of these images are acquired
using the filter energy before the ionization edge of interest and are called the pre-edge images. The third
image is acquired using the filter energy which is almost next to the edge of interest and is called the post-
edge image. The two pre-edge windows are used to calculate the background. The post edge window is
used to subtract the extrapolated background from the total intensity to calculate the edge intensity (Figure
2-20). The procedure of background removal is done for each pixel after aligning all three images to obtain
the elemental maps.
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2.5 In Situ TEM Heating

In situ heating experiments allow for detailed insights into the grain structure evolution by time-
resolved mapping of the grain boundaries, their mobility, character, grain sizes, and their crystallographic
orientations. In the present work, a Gatan 652 in situ TEM heating holder was employed to tailor the grain
structure of nc thin metal films for subsequent in situ TEM nanomechanical testing. For these in situ heat
treatments, the material to be investigated was directly deposited on conventional carbon-coated TEM
grids and loaded on the specimen cradle of the heating holder. The holder operates on the principle of
calibrated resistive heating of a small furnace, where the TEM grid is mounted [195]. In the present work,
a smart heater control was used with a ramping time of a few minutes to reach the target temperature
(350° C) as well as for cooling down to room temperature.

2.6 In Situ TEM Nanomechanics

In situ TEM straining has been proven to be an indispensable technique for the observation of
deformation processes in a variety of materials in real-time [197]. Since the 1950s, in situ TEM
nanomechanical testing stages have been developed and customized by various research groups. These
stages allow for straining, indentation, tribological (scratch) testing, etc., and some of these operate even
at elevated temperatures. These testing methods allow for investigating size effects on the mechanical
behavior by tailoring the physical dimensions or microstructural parameters of the specimen like the
thickness, diameter, grain sizes, etc.

Movable probe (indenter)
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Figure 2-21 (a) Schematic of the tip of a PI 95 Picolndenter straining holder (modified from [198]), (b) SEM image of a PTP device, (c) SEM
image of a 100 um wide movable probe of a flat punch transducer.

In the present work, a P1 95 TEM Picolndenter holder from Bruker, MN, USA was employed. A schematic
of the tip of the holder is shown in Figure 2-21 (a). The main components of the nanomechanical straining
system include an electromechanical (EM) transducer with a moveable probe, an actuator, a displacement
sensor, a mechanical positioner, a piezo positioner and a controller as shown in the block diagram in Figure
2-22 (a) [199]. The EM transducer is a MEMS-based capacitive device that consists of a force/displacement
sensor with a micromachined comb drive that enables actuation and sensing [200]. It consists of two pairs
of electrostatic actuator combs or electrodes (Figure 2-22 (b)). As these electrodes are biased, the electrode
at the center moves in the direction of indentation. This leads to a change in the gap between the movable
and fixed electrodes, resulting in a change in the capacitances between these. The change in the capacitance
is detected by the displacement sensor based on which the displacement of the movable electrode is
measured. The force is measured based on the electrostatic force generated by the comb drive actuators
due to the change in capacitance between the electrodes. The capacitive function of the actuator combs
provides high sensitivity, a large dynamic range, and a linear force or displacement output signal. In
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addition, the system comprises a MEMS-based push-to-pull (PTP) linear mechanical transformer (Figure
2-21 (b)). The PTP device transforms an external pushing force into a tensile force on a specimen mounted
on it. The PTP transformer is mounted on a copper mount and the entire assembly can be detachably
mounted on the straining holder base with the aid of a small screw (Figure 2-21 (a)). The fabrication of the
miniaturized specimens on the PTP is achieved by in situ FIB lift-out and transfer (Figure 2-10).
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Figure 2-22 (a) Block diagram of the nanomechanical test system from Bruker (modified from [199]), (b) MEMS-based transducer
actuation diagram showing the electrostatic actuator combs [200].

The indentation is achieved with the aid of a 100 um wide movable probe (also called the ‘flat punch’ as
shown in Figure 2-21 (c)) that is integrated into the EM transducer assembly (Figure 2-21 (a) and Figure
2-22 (a)). The probe can be manually positioned and aligned with respect to the PTP device using the 3D
mechanical positioner at the other end of the holder before inserting the holder in the TEM. Further fine
alignment of the probe is achieved using the 3D mechanical positioner together with the 3D piezo
positioner after inserting the holder in the TEM and adjusting the eucentric height of the specimen on PTP.
The load function can be defined to conduct the nanomechanical testing in load control or displacement
control mode with varying loading or displacement rates. In addition, there is also a possibility to perform
the tests in a dynamic or quasi-static fashion to synchronize the straining experiments with the acquisition
time of the specific TEM imaging technique with or without drift correction. This enables time-resolved
imaging of the intricate deformation events and when coupled with multiple TEM imaging modes/cameras
facilitates the acquisition of correlative information from the same specimen without the relaxation of the
specimen. The nanomechanical response of the specimen can be simultaneously measured during the
imaging further enabling a direct correlation of the local and time-resolved deformation events with the
mechanical behavior of the specimen as a whole.

A challenging aspect of the in situ nanomechanical experiments is the overall stability and drift of the
holder assembly and the specimen. The mechanical drift is dependent on various factors like vibrations,
thermal fluctuations, etc. The drift can significantly influence the measured mechanical response and its
reliability. During rapid straining experiments, it may be essential to measure the amount of drift. To enable
reliable measurement of the systematic drift, it is important to avoid any manual interaction to adjust the
position of the probe with the aid of a 3D mechanical positioner during the actual experiment. The
measurement of the systematic drift is introduced in the next chapter. The drift becomes critical if the
experiments are performed in combination with ACOM-STEM imaging which typically requires a holding
time of 45-60 min between the consecutive straining states. It may vary significantly if the experiments are
conducted for longer durations (several hours or over days). Thus, in this case, to minimize the effects of
drift the specimen is allowed to stabilize for several minutes after each loading step and before acquisition
of the ACOM-STEM map.
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3 Methods: Data Processing and Quantitative Analysis

A systematic methodology for the data processing using advanced software programs becomes
indispensable for quantitative analysis of the results obtained from both in situ and ex situ TEM studies.
The present chapter provides an introduction to some basics of crystallographic orientation, its
representation, and interpretation. A systematic approach for visualization and processing of the data is
discussed for a reliable quantitative understanding to characterize the deformation mechanisms in the nc
metals and NMCs. Lastly, the evaluation scheme for in situ TEM nanomechanical testing is briefly described.
Several factors including challenges in processing and interpretation of the data are highlighted.

3.1 Orientation in Space

3.1.1 Description of Crystal Orientation

The orientation of a crystal in space is defined as the position of the crystal coordinate system (Cc) of
the crystal with respect to the specimen coordinates system (Cs). The crystal orientation can be
mathematically expressed as [201]:

Cc=g.Cs 3-1

‘g’ in Eq. 3-1 is the orientation or rotation matrix, that transforms the specimen coordinate system into the
crystal coordinate system. Figure 3-1 shows several grains in a bright-field STEM image in which the
orientation of each grain is symbolically represented using unit cells in the specimen reference.

Figure 3-1 Illustration of grains in nc Pd. Each grain is represented by cubic unit cells with their respective orientations in the specimen
reference frame with cartesian coordinates X, Y and Z. Inset shows a crystal representing the relationship between the specimen
coordinates X, Y, and Z with respect to the crystal coordinates [100], [010] and [001] with angles «, B and y between them.

In the present study, the principal axes of the specimen coordinates are designated as X, Y, and Z
according to the cartesian coordinate system (Figure 3-1). It is to be noted that the Z-axis in the present
study is chosen to be parallel to the optic axis of the TEM. Thus, if the specimen is not tilted, Z-axis
represents the normal to the specimen, and X and Y are two mutually perpendicular directions in the plane
of the specimen. The inset in Figure 3-1 shows the coordinate system of grain with crystal coordinate axes
[100], [010] and [001] that are inclined at angles «, 3 and y with respect to the axes of the specimen X, Y
and Z. From Eq. 3-1, the rotation matrix ‘g’ transforms the specimen coordinates and allows the crystal
directions to be expressed by directions in the specimen to which these are parallel. In the present study,
the orientations are described by the Euler angles as defined by Bunge [202].
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3.1.2 Representation of Orientations and Texture

A common method of representing the orientation of individual grains is to plot the poles of crystal
planes {hkl} with respect to the specimen coordinates on a stereographic projection. A stereographic
projection allows the representation of a 3D crystal and its orientation on a 2D projection plane. Figure 3-2
(a) shows a pole figure representing {hkl} poles on a stereographic projection from one of the grains in
Figure 3-1. Here X, Y, and Z are the principal axes in the specimen reference and the red markers indicate
the poles obtained from the intersection of the plane normals with a reference sphere and projecting them
on a plane normal to the Z-axis. Figure 3-2 (b) shows the same pole figure (PF) superimposed on the Wulff

net. The stereographic projections retain the angular relationships between planes and directions in the

crystal and are angle true.
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Figure 3-2 (a) (100) pole figure with the projected directions from a crystal, (b) {100} poles superimposed on the Wulff net, (c)-(e) inverse
pole figures showing the X, Y, and Z specimen axes in the crystal reference.

Another approach of representing the orientations is to plot the poles X, Y, and Z of the specimen
coordinate system with respect to the crystal coordinate system on a stereographic triangle. Figure 3-2 (c)-
(e) show a standard unit stereographic triangle with corners corresponding to [100], [110] and [111]. All
symmetry-equivalent crystal directions can be represented on this plot. The blue markers in these plots
represent the position of specimen X, Y, and Z directions in the reference frame of crystal with the
orientation shown in Figure 3-2 (a)-(b). Plotting these figures involves the operation of expressing the

specimen directions in the frame of crystal, which is the reverse operation performed for plotting the pole

figures. Thus, Figure 3-2 (c)-(e) are referred to as the inverse pole figures (IPFs). Using these methods, the
orientations from several grains can be plotted and their densities can be represented on PFs and IPFs to
visualize the overall texture of a specimen. Figure 3-3 represents the densities of (100), (110), and (111)
using colormaps on PFs and the orientation densities of specimen X, Y, and Z axes on IPFs. From the pole
figures, it is noted that the majority of the grains have their (111) planes almost parallel to Z or normal to
the plane of the film leading to a sharp maximum close to the Z-axis. The film, thus, exhibits a preferential
(111) texture along the growth direction.
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Figure 3-3 Texture plots showing the density of {100}, {110} and {111} poles on pole figure and the orientation density for X, Y, and Z
specimen axes on inverse pole figure with the aid of colormaps. The densities are plotted for the same sample as shown in Figure 3-1.

3.2 Orientation Mapping with ASTAR

The data acquisition procedure by ACOM-STEM using Topspin was introduced in 2.4.4. A fast frame
acquisition camera allows to capture spot diffraction patterns at each pixel and these are stored in a *.blo
(‘block’) file. The primary information that is obtained from the spot diffraction patterns by ACOM-STEM
is the crystal orientation and phases present in the specimen. Both the crystal orientation and phases are
identified by a systematic indexation procedure using the ASTAR software package, NanoMEGAS, Brussels,
Belgium. The package consists of three programs namely: DiffGen, Index, and MapViewer. The following
sections introduce the concepts and steps involved in the indexing and obtaining reliable orientation maps.

3.2.1 ASTAR Indexing by Template Matching

Templates are diffraction patterns simulated under kinematic conditions for the known phases and
orientations [193]. The simulation procedure assumes that reduction in the intensity of the diffraction
spots at the non-Bragg condition is proportional to the excitation error ‘s’ (Figure 2-8). The DiffGen
(Diffraction Generator) is used to generate ‘template banks’. These banks consist of computed spot patterns
for sets of Euler angles spanning the entire Euler space defined by the crystal symmetry. The templates
representing the spot patterns are calculated for all possible orientations with a defined rotation step for
the expected phases in the specimen [192]. The key parameters that are defined for generating the
templates in DiffGen include [203]:

o TEM voltage that defines the electron wavelength and the radius of Ewald sphere;

e Max angle that corresponds to the maximum Bragg angle used for generating the diffraction spots
(20max), and it determines the angle above which the diffraction spots corresponding to d-spacing of
less than A/2sinBmax are not visible;

e Excitation error which determines the maximum value of ‘s’ or the closeness of a reflection with
respect to the Ewald sphere needed for it to be visible;

e Step count that defines the number of steps that are used to generate template patterns between the
fundamental directions ([100], [110],and [111]) in reciprocal space and governs the angular resolution
for orientation measurements.
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Figure 3-4 lllustration of the template matching procedure: (a) spot diffraction pattern obtained experimentally, (b) best matching
template (in red) superimposed on the spot pattern, and (c) index map representing the correlation indices as grey levels for all the
orientations on the IPF. The maximum index value (1217) is shown by the red marker and the corresponding reliability is 40. As seen from
the index map, the orientation of the spot pattern is close to [101].

The template matching procedure is performed using the Index program by importing the block file and
the template bank. The procedure involves comparison of each spot diffraction pattern (Figure 3-4 (a))
with the measured templates in the bank and determines the degree of matching for a given template given
by the cross-correlation index (Qi) [192,193]:

TR PCy)Ti(xy))
;=
JZ§"=1 P2 (xj,y,-)J L TE (%))

Q 3-2

P(x,y) in the above equation is the intensity function representing the diffraction pattern and each
template ‘i’ given by the function T(x,y). The template matching with the highest value of Q corresponds to
the solution (Figure 3-4 (b)). The correlation indices for each template are normalized by the highest value
and these are converted to grey levels to represent on the IPF (Figure 3-4 (c)). The correlation index map
in Figure 3-4 (c) allows to qualitatively visualize the reliability of the solution. A single dark region on the
IPF is indicative of a safer unique single solution. If there are additional darker regions, it would indicate
possible multiple solutions leading to low reliability. Thus, corresponding to each indexed solution a
reliability factor is assigned as [192,193]:

R; =100 (1 —%) 33

i1

where Q1 and Q: are correlation indices of the two highest and distinct maxima. Unreliable solutions can
be disregarded by imposing a filter with a certain minimum threshold for reliability. In practice, a value of
15 is considered as a threshold for the fidelity of the solution.
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3.2.2 ASTAR Parameter Optimization for Indexation

Since indexing involves cross-correlation to match experimental and simulated diffraction patterns
[190], the Index program [204] allows for enhancement in the image quality and visibility by optimization
of image processing parameters and filters. Following are some of the critical parameters that optimized
during indexation:

Softening loops: number of times the filter is applied to the image

e Spot enhance loops: number of times the filter is applied to each spot

e Spot detection radius: radius of the circle centered at each pixel on which the average intensity is
calculated

o Normalize: scales up the image in the full range of 255 grey levels

¢ Noise threshold: determines the maximum value below which intensities of all the pixels with values
less than the selected maximum value are set to zero

e Gamma correction: a power-law transform that determines the strength of intermediate intensities
and enhances the image quality

e Polar image max work radius: defines the maximum reciprocal lattice vector considered for the
template matching

ASTAR - spot diffraction pattern matching —cross correlation index * reliability
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Figure 3-5 Analyses of the influence of the matching parameters used in ASTAR (indexing program) to find the match for the spot
diffraction pattern with the bank of templates. After matching the patterns, the product of cross-correlation index and reliability for all
pixels in an orientation map is summed up and plotted against the matching parameters. The vertical grid lines separate a block in which
the “noise threshold” varies from 9 to 14. After each of such blocks the “spot enhancing loop” is increased by one. After six of such blocks,
the “softening loop” is increased from one to six. Summarized, the “noise threshold” varies from 9 to 14, the “spot enhancing loop” and
the “softening loop” vary from one to six. Results for different “spot radius” (sr), “gamma” of 0.5 or 0.33, and “normalization” on or off
are plotted (adopted from [205]).

Kobler et al. conducted a parametric study by systematic variation of the above parameters and found
that each of these parameters can noticeably influence both index and reliability. Figure 3-5 shows the
influence of these parameters on the product of index and reliability [205]. In addition, Figure 3-6 shows
the effect of changing the level of normalization keeping other parameters constant. As the normalization
is increased, a twinned crystallite (shown by arrow) widens. Such effects showing widening or shrinking
can be seen in a few other crystallites as well. These effects arise due to tilting of the twin boundaries or in
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general any random grain boundary with respect to the incident electron beam. Depending on the degree
of tilting, the number of reflections in the diffraction patterns from two neighboring grains and their
intensities vary in the overlapping region. Normalization scales the grey values in diffraction patterns to
full 8-bit grayscale values available in the Index. In addition, a threshold for normalization can be defined
so that every grey value above it is set to the maximum value. With the increasing value of normalization,
the threshold intensity for the diffraction patterns decreases. As a result, the diffraction spots with weaker
intensities are enhanced and contribute strongly towards the cross-correlation leading to indexation with
lower reliability which is seen in the region marked by an arrow in Figure 3-6. These effects make the data
interpretation challenging and need to be accounted for when analyzing the deformation mechanisms
involving GB-related processes during in situ TEM deformation.

Figure 3-6 lllustration of the effect of change in normalization on the resulting orientation maps (adopted from [206]).

3.2.3 ASTAR Data Visualization

The results of indexation obtained from the Index as “.res’ files can be visualized in the Mapviewer [207]
which allows for orientation and phase analysis. The Index program processes 4D STEM data in which each
pixel in a 2D STEM image (Figure 3-7 (a)) has spot diffraction data embedded in it. During indexation, each
pixel on the image is assigned information related to phase and crystal orientation which could be
represented on the Mapviewer using different maps. These maps facilitate correlation and comparative
analysis at the pixel level. The main results that are used for the representation of the indexed data are
shown in Figure 3-7 for a single-phase material. Figure 3-7 (a) shows a bright-field STEM image formed
from the 4D STEM data using a virtual aperture that collects the signals from direct (undiffracted) beam in
the diffraction patterns. It is called the virtual bright-field STEM image and represents contrast that is
typically sensitive to diffraction and to a certain extent to the Rutherford scattering. The index and
reliability values are assigned to each pixel during the indexation. Accordingly, index and reliability maps
(Figure 3-7 (b)-(c)) can be obtained. These are represented as grayscale images, and the grey levels are
adjusted by appropriate selection of the minimum and maximum of index and reliability.

The crystallographic orientation that matches best for the experimental data for each pixel is
represented according to the color code displayed on the fundamental triangle with corners corresponding
to [100], [110], and [111]. Using the color code, the orientation maps can be obtained along the axes X, Yc,
and Zc according to the crystal coordinate system shown in Figure 3-7 (d)-(f), where Z-axis is considered
parallel to the optic axis of the TEM. Since these maps use IPF color code for display, these are also termed
as ‘IPF maps’. All the orientation maps presented in chapters 4 to 6 are displayed according to the ASTAR
color code. The orientation maps are displayed by superimposing the corresponding index and orientation
reliability maps with suitably scaled grey levels. These superimposed maps facilitate visualization of the
pixels within grains that are indexed with a reasonable or acceptable orientation index and reliability.
These parameters may be used to filter the pixels or the grains that are poorly indexed enabling a reliable
quantitative analysis. In addition to orientation maps, for materials with more than one phase, each pixel
is also identified by the phase to which it belongs, and the phase maps may be displayed as well. These
maps are shown in chapter 6, which presents the data related to NMCs.
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Figure 3-7 lllustration of the data visualization using ASTAR Mapviewer: (a) virtual bright-field STEM image, (b) index map with a minimum
of 400 and maximum of 1100, (c) reliability map with a minimum of 10 and maximum of 25, (d) IPF map along Xc, (e) IPF map along Y¢
and (f) IPF map along Zc. All the IPF maps are shown by overlaying the index and reliability maps. Xs, Ys, and Zs axes represent the
coordinate system for the specimen reference frame whereas X¢, Y¢, and Z¢c axes represent the coordinate system for the crystal reference
frame. Standard IPF color code is shown on the fundamental triangle with corners [100], [110], and [111]. The coordinate systems and
color code are specific to ASTAR.

A critical aspect in visualizing and analyzing the orientation maps is to check for the scan rotation
correction which if not implemented would most likely lead to an erroneous display of orientations and
affect the entire analysis performed using the “ang’ files that store the orientation and phase information
for every pixel. Any rotation between the diffraction pattern and real-space image needs to be corrected to
ensure accurate alignment of the crystallographic directions with real space for each grain.

3.2.4 Correction for 180° Ambiguity

Given the quasi-parallel beam (probe) precessing at an angle of 0.5° or less, the spot diffraction patterns
consist of reflections corresponding to low Bragg angles. This results in the excitation of reflections that
are usually confined only in the zero-order Laue zone (ZOLZ). The absence of reflections from the higher-
order Laue zone (HOLZ) could result in the ambiguity of orientations during indexation. The 180°
ambiguity problem specifically arises for the orientation determination of spot patterns with a highly
symmetric axis about which two possible orientations that are rotated by 180° could not be distinguished.
Figure 3-8 shows a spot pattern from a grain of steel with [111] orientation. Due to the absence of higher-
order reflections, two possible orientations are identified by the Index program that are rotated by 180°
with respect to each other leading to the ambiguity problem in orientation mapping.
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Figure 3-8 lllustration of 180° ambiguity problem based on two possible orientations (left and right) corresponding to the spot pattern
shown in the center [208].

For solving the ambiguity problem, the data processing needs to be carried out with version 2.X (V2) of
the ASTAR software package. The DiffGen V2 by default generates template banks with additional
information related to the ‘ambiguity axes’ about which the rotation needs to be performed to correct for
the ambiguity. The ambiguity is detected by the Index V2 during orientation indexing and each pixel is
assigned the corresponding ambiguity parameter (Ambig.) as:

Ambig.=100(1-2) 3-4

1

where I1 and I, are the cross-correlation indices of the two best solutions with 180° ambiguity between
those. ‘Ambig.’ equal to 100 implies there is no ambiguity for the selected solution and it is reliable whereas
‘Ambig.’ less than 100 or equal to zero means that there is potential ambiguity for the solution (scaled for
0 to 100). The values of ‘Ambig.’ can be read at pixel level and can be corrected in the Mapviewer V2. The
Mapviewer corrects the ambiguity detected within each grain by extending orientations from the most
reliable pixels (highest Ambig.) to the unreliable ones and the correction is performed by rotating the
unreliable orientations about the ‘ambiguity axis’.

3.2.5 Projection Effects

The TEM specimens of nc metals and NMCs employed in the present study are in the form of deposited
thin films or lamellae prepared using FIB milling. In any case, consideration of the projection effects and
the misconceptions and artefacts arising from those is critical. This is especially related to the reliability of
crystal orientation mapping and precise detection of interfaces (grain or phase boundaries) using ACOM-
STEM. The projection effects arise mainly due to the presence of two or more grains through the thickness
of the specimen or due to GBs that are inclined with respect to electron beam (Figure 3-9).

Pt deposition from cross-section preparation
*

Figure 3-9 Orientation map of a cross-section of nc palladium thin film deposited on carbon substrate showing the projection effects
(modified from [206]).
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The overlapping microstructural features result in multiple diffraction patterns corresponding to
differently oriented grains through the thickness. The tilting or bending of the specimen additionally
contributes to the projection effects and the resulting GB detection. Kobler et al. presented a
comprehensive analysis on the impact of tilting on the resulting projection effects that determine the
visibility of certain microstructural features [206]. A classic example of twin boundary presented by them
explains that twin boundaries in the twinned grains appear and disappear and their apparent width varies
with the specimen tilting. These effects can lead to erroneous results in the quantitative analysis involving
grain size measurements and the determination of GB characteristics. Further, the interpretation of these
effects with potential artefacts during deformation as GB-based processes needs to be avoided. These
effects need to be prevented or excluded during the in situ experimentation and related data analysis.

The diffraction patterns obtained from a single defect-free crystal are expected to be nearly identical
whereas an abrupt change in patterns is expected if the scanning beam passes through defects and
interfaces. Based on this principle, ASTAR Index V2 provides a feature to generate structural images/maps
of specimen directly using the “blo’ file. The contrast in these maps corresponds to the contribution from
all structural features in the specimen that affect the local changes in diffraction conditions [209]. These
maps can facilitate fast mapping and visualization of the presence of overlapping grains including an
estimate for the degree of tilting of interfaces. To generate these images, diffraction correlation is carried
out using an algorithm that measures the degree of similarity between diffraction patterns from
neighboring points. For each diffraction pattern, this degree of similarity is expressed by the correlation
coefficient C (i,j) given as:

3-5

. Yy [PH (2 3)-PHL ()] + Ty [P (6,3)~PH 1 (x3)]
Clij) = J o] I+ 2l ]

where Pij and Pi*1idenote the intensities of diffraction patterns obtained from successive or neighboring
points with coordinates (i,j) and (i+1,j), (x,y) represent the pixel coordinate within patterns, and N is the
total number of pixels within each pattern [210]. The correlation coefficient obtained from each point is
represented on a grayscale as a correlation coefficient map.
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Figure 3-10 lllustration of the effect of grain overlapping on the orientation reliability: (a)-(b) orientation maps from nc Pd thin films with
a different grain size distribution, and (c)-(d) corresponding correlation coefficient maps.
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As seen in Figure 3-10 (a), a nc Pd thin film shows reduced orientation reliability and the correlation
coefficient map (Figure 3-10 (c)) shows various contrast features within the coarser grains indicating the
possibility of several finer grains overlapping with those. In addition, the contrast due to GBs is not sharp
and these appear wider indicating that they are tilted with respect to the film plane. Figure 3-10 (b) on the
other hand shows another nc Pd thin film with relatively better orientation reliability. The corresponding
correlation coefficient map (Figure 3-10 (d)) shows lesser contrast features within each grain and GBs are
showing sharp contrast indicating that this specimen exhibits minimum projection effects. Thus, these
maps are helpful to some extent in detecting the projection effects.

3.3 Data Processing

ASTAR Mapviewer provides several features for extracting basic quantitative information from the
ACOM-STEM results such as grain sizes, pole figures, detection of grain boundaries, etc. However, before
any quantitative analysis is performed, systematic data processing becomes necessary using appropriate
filters to ensure that the data is free from noise and unreliable data points. Matlab-based open-source and
versatile software toolbox MTEX provides means to analyze, program, model, visualize and interpret the
crystallographic orientation data [211]. Some of the features of MTEX were utilized in the present study. In
addition, an MTEX-based in-house program ‘Grain Evaluation’ by A. Kobler [205,206,212] was employed.
This program is especially dedicated to post-processing and analysis of the ACOM-STEM data from in situ
TEM studies. The ‘Grain Evaluation’ is compatible with MTEX-3.5.0 and is operated with MATLAB R2013b
whereas some additional data analysis without the ‘Grain Evaluation’ was performed with a higher version,
MTEX-5.2.beta2, operated in MATLAB R2017b. In addition to the MTEX, the ATEX software [213] was
employed specifically for the estimation of GND density based on the Nye tensor approach.

3.3.1 Alignment of Reference Frames

The ‘angle’ (“ang’) files with the 3 Euler’s angle, orientation index and reliability, phases, and their
reliability at each data point with (x,y) coordinates are exported from the Mapviewer. These are by default
exported according to the ASTAR convention of reference frames. A comparison between the ASTAR and
MTEX conventions for both spatial and crystal reference frames is shown in Figure 3-11. It is seen that the
crystal and spatial reference frames in the case of ASTAR do not coincide with each other unlike in the case
of MTEX. The crystal reference frame in the case of ASTAR is identical to that of MTEX, unlike the spatial
reference frame which is rotated by 180° about X-axis. Thus, for importing the ‘.ang’ files obtained from the
Mapviewer, the spatial reference frame must be aligned appropriately for the visualization and processing
of the data. The alignment is achieved using the command ‘convertSpatial2EulerReferenceFrame’ in MTEX
followed by suitable rotation (90° clockwise about Z-axis in the present case) of the resulting map to align
it with the ACOM map in ASTAR.

ASTAR MTEX
Ye Ysc
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Figure 3-11 Comparison of reference frames for the crystal and spatial coordinates in ASTAR and MTEX.
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[t should be noted that the alignment procedure described above is not required while working with the
‘Grain Evaluation’ as it is programmed to incorporate the alignment to coincide with the two reference
frames. It is necessitated while directly importing the ‘ang’ files in MTEX without the aid of ‘Grain
Evaluation’.

3.3.2 Grain Evaluation: A Program for Automated Data Processing

Data processing using the ‘Grain Evaluation’ involves a stepwise filtering procedure followed by
quantitative analysis as shown in Figure 3-12 and is discussed below.
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Figure 3-12 Data procession scheme of the orientation maps: (a) Orientation map overlaid with reliability of the initial state (inset: color
code of the crystal orientation), (b) detection of twin boundaries (shown in blue), (c) grain size statistics, (d) averaged diameter of the
ellipse of crystallites represented as a function of the specimen direction @ within x—y plane relative to the straining direction for the
initial (green) and deformed (black) states, (e) Orientation density function on IPF (color code: red, max density; white, lowest density),
(f) Orientation density function as a 360° polar plot (red: <100>, green: <110> and blue: <111>) (modified from [205]).

Ambiguity Filter

The ‘Grain Evaluation’ has an option to filter the 180° ambiguity problem. To filter the ambiguity,
crystallites with the ambiguity problem are detected with a defined segmentation angle and the script
(greater details are provided in [206]) searches for neighboring crystallites with a misorientation greater
than the start angle. An important benefit of this function over ASTAR Mapviewer is that it detects and
correct ambiguities in a series of orientation maps acquired from the same region, e.g. during in situ
experiments.

Min. Distance Filter

The min. distance filter is a median filter applied to the crystal orientation data in the imported “ang’
files. The filter treats the 3 Euler’s angles as vectors Viin 3D and calculates the distance from a given pixel
V;j to all the pixels V; within the neighborhood around the central pixel [205,206]. The information of the
pixel with the smallest average distance dmin is ascribed to the central pixel:

(2n+1)2

d] = Wzizl (Ul' - Uj)z 3-6

dmin = Minimum (dy _zn41y2) 37
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The distance calculation in Eq. 3-6 can be weighted by ‘w’ which could be the cross-correlation index,
the reliability, the phase, or a combination of those. The filter reduces random noise in the orientation maps
which enables more refined measurements of orientations at the pixel level.

Processing of ACOM-series for In Situ Studies

For the global and local analyses, the ACOM-series needs to be well-aligned to achieve a comparative
analysis at the level of individual grains. In the present study, the alignment was performed using IMOD, an
open-source software tool dedicated to assembling and aligning the data within multiple types and sizes of
image stacks [214]. For aligning the orientation data as stacks of images, separate ‘mrc’ files were
generated for the 3 Euler angles, phases, cross-correlation index, and reliability values obtained from the
‘ang’ files [205]. These separate ‘“mrc’ series are aligned by X/Y displacements based on the fiducial
markers placed typically at the GB triple junctions.

All the data filtering and processing steps in the ‘Grain Evaluation’ mentioned above can be employed
on a series of ACOM maps at the same time to obtain the results for every map for a well-defined set of
evaluation parameters. After reducing the noise using min. distance filter and correcting the ambiguity, the
program recognizes the grains and detects the grain boundaries for each map. The typical segmentation
angle used in the present work was 2-3°. The grains with very small sizes and poor reliability were filtered
and not considered for the quantitative analysis. A variety of features are available for the quantitative
analysis for each map that includes grain size statistics, orientation density function, texture, GB
misorientation, statistics of the twin boundaries, etc. The last important step in the analysis of the ACOM
series is the quantitative comparison through the series at the level of individual grains. In this step, each
grain is selected in the reference state and its structural evolution is analyzed through the series. In the
present study, the average rotation of grains as well as the rotation at pixel level were analyzed for the
ACOM series acquired during in situ deformation experiments.

Nye Tensor Analysis

The scalar density (penp) of geometrically necessary dislocations (GNDs) can be expressed as an entry-
wise norm of the Nye dislocation density tensor () [215] divided by the length of the Burgers vector (b):

1
PGND= 7 @ij%ij 3-8

where ajcorresponds to the curvature components of the dislocation density tensor. For 2D mapping, five
curvature components of the Nye dislocation density tensor are obtained, described by Pantleon as [216]:
12, 13, @21, (23, and ass. From these five components, the truncated scalar GND density (p2Xp) is computed
as [217,218]:

2D _ 1 2 2 2 2 2
PGND = ;\/0‘12 T ajz + oz + azz +oag; 3-9

3.4 Data Evaluation for In Situ TEM Nanomechanics

The TriboScan user interface records the instantaneous response of the specimen as measured by the
PI 95 Picolndenter. The raw data is recorded as the load and displacement plot and is processed according
to the schematic shown in Figure 3-13. The evaluation routine involves correction for drift which is
followed by removal of the contribution from PTP to the overall load to obtain a true stress-strain response.
The in situ nanomechanical experiments are likely to be affected by mechanical drift due to any vibrations,
temperature fluctuations, etc. in the testing environment. Although the TriboScan provides an option for
drift correction during testing, the drift needs to be checked and corrected while processing the data. The
drift correction after testing is most facilitated if any manual interaction is avoided for adjusting the
position of the indenter either by 3D mechanical or piezo positioners, as in that case, the drift may be
assumed to be systematic.
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Figure 3-13 Schematic of the data processing routine for evaluation of the nanomechanical response.

Figure 3-14 illustrates the evaluation of the drift corrected load-displacement response from a
nanomechanical experiment. Here, the systematic drift of the straining holder was evaluated by careful
consideration of the time stamps and the position of the indenter during the experiment. This drift was
subtracted from the measured experimental data to correct for the displacement. After the drift correction,
the actual load-displacement response of the specimen was calculated by subtracting the PTP contribution
which is typically a linear response in most cases. The PTP response was measured by loading the PTP with
the same loading rate and mode (displacement-control in the present study) under which the experiments
were performed on the film before fracture. Since the PTP contribution was evaluated immediately after
the specimen fractured, it ensured that the response was measured under the same drift conditions under
which the specimen was tested before it fractured. The true strain in the specimen was evaluated by
tracking the displacement of some prominent markers by comparing the images in the initial undeformed
stage and during the deformation whereas the true stress is estimated by dividing load at each data point
by cross-section area of the specimen.
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Figure 3-14 Evaluation of the drift corrected load-displacement response from an in situ nanomechanical experiment.
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4 In Situ TEM Investigations of the Bauschinger Effect in Nanocrystalline Palladium

4.1 Introduction

Various aspects of the deformation mechanisms that are associated with the BE in nc metals remain
unexplored. In particular, the role of microstructural heterogeneity, the complex interplay of dislocation
and GB mediated mechanisms and their impact on the resulting crystal orientation and texture in nc metals
need further investigations. For a detailed understanding of the mechanics of nc metals under cyclic
deformation, a direct correlation of the relevant deformation mechanisms with the microstructural
characteristics needs to be established. Chapters 4 and 5 present the results from in situ TEM investigations
of the BE and discuss the active deformation mechanisms based on quantitative analysis of the deformed
microstructure in nc palladium.

Analysis of grain rotations and the resulting texture in nc metals is a potential approach to gain insights
into the active deformation processes. To facilitate that, in situ nanomechanical experiments were coupled
with ACOM-STEM to map the crystal orientations of a large number of grains in the specimen. The present
chapter is focused on a global analysis of the deformation microstructure by investigating a large number
of grains that are representative of the specimen under cyclic deformation. These analyses are primarily
related to the rotation of grains. Based on the characteristics of global crystallographic texture evolution,
this chapter aims to understand the dominant deformation mechanisms that are active in nc thin palladium
film showing the BE. To further investigate these rotational characteristics, the next chapter presents the
analysis of a selected set of grains that exhibited unusual rotational responses during loading and
unloading. Based on the local analysis of these grains, a systematic correlation is established to account for
the detailed interactions between the nanosized grains. The presented in situ experimental approach is an
attempt to directly visualize and quantify the deformation processes in nc thin metal film from a statistical
ensemble of grains to the level of individual grains.

4.2 Experimental: Material Synthesis, Methods, Data Acquisition and Processing

4.2.1 Sputtering and Annealing of Nanocrystalline Pd Thin Films

Thin films of nc palladium were prepared by radio frequency magnetron sputtering on carbon-coated
TEM grids, which were used as substrates. The sputtering was achieved by 5 cycles of 50 seconds each
interrupted for 10 s in a chamber under the base pressure of 10-8 mbar, sputter pressure of 0.005 mbar, 60
W sputter power, and substrate-target distance of 15 cm. The thickness of the film was measured using
EFTEM and estimated to be around 43 nm and 72 nm considering the mean free paths as 71.3 nm and 119.4
nm from the approximations by Malis et al. [219] and Lakoubovskii et al. [220]. The microstructure of the
sputtered film was characterized by BFTEM and ACOM-STEM imaging (Figure 4-1 and Figure 4-2). As seen
in Figure 4-1 (a) and Figure 4-2 (a), the as-sputtered films exhibited very fine grain sizes (5-20 nm) with
significant projection effects leading to the overlapping of grains and especially of the GBs through the
thickness of the specimen. This renders the microstructural investigations by TEM highly challenging,
especially using quantitative ACOM-STEM. For an extensive and reliable quantitative TEM analysis, these
projection effects need to be excluded. A potential solution to minimize these effects is to adjust the grain
sizes by heat treatment leading to the growth of the grains. However, it was found that heat treatment
immediately after sputtering did not lead to any significant grain growth. The film was aged in an ambient
environment for several months. The aging was proven to enhance the kinetics of grain growth during heat
treatment. The strong oxidation resistance of Pd prevented the development of surface passivation that
might influence the purity of the film or its mechanical properties. After storing for 18 months under
ambient environment, the film was annealed inside FEI Tecnai F20 ST TEM using the Gatan 652 heating
holder at 350 °C for 10 minutes. The aging followed by heat treatment resulted in a film with an almost
single layer of grains with minimum projection effects.

[t is seen that after heat treatment, the film microstructure exhibits a columnar growth with preferential
{111} texture, and the mean grain size increases from 5 nm to 90 nm. The columnar growth was confirmed
from the correlation coefficient map (Figure 3-10 (d)) in which the majority of the GBs show sharp contrast
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indicating that they are almost parallel with the electron beam in the TEM. From Figure 4-1 (b) and Figure
4-2 (b), it is seen that the nc Pd sample shows a wide distribution of grain sizes. The grain size distribution
of the annealed film varies from 13 nm to 200 nm, and the area-weighted grain size ranges from 30 nm to
150 nm. The number and area-weighted average grain sizes show log-normal distributions with modes 25

nm and 63 nm.
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Figure 4-2 IPF maps along the film growth direction and the number and area-weighted average grain size distributions for (a) as-
sputtered specimen aged for 18 months, and (b) after in situ annealing of the structure in (a).
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4.2.2 In Situ FIB Transfer and Specimen Preparation for Nanomechanics

An in situ lift-out procedure inside the FEI Strata 400S DualBeam FIB was used to transfer the annealed
film onto a PTP device from Bruker as shown in Figure 4-3. The procedure involved the lifting of the film
using a transfer frame (Figure 4-3 (a)) that prevented bending/buckling of the film during lift-out and
transfer to the PTP and facilitated an almost parallel placement of the film on the PTP enabling proper
welding using Pt deposition. After transferring the film, the final specimen was prepared with a width
(perpendicular to straining direction) of 4 pm and length (along straining direction) 2.5 pm as shown in
Figure 4-3 (b) and (c). After the specimen preparation, the PTP was removed from the FIB and mounted on
a customized holder, and inserted in the Fischione 1040 NanoMill for final cleaning of the residual Pt
contaminants that typically exist in the form of nanoparticles. The final cleaning was achieved by tilting the
stage to 8° and setting the ion source energy in the range 300-500 eV. Two in situ straining samples were
prepared using this method.
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Figure 4-3 SE-SEM images of (a) sputtered Pd thin film lifted using a transfer frame, (b) side-view of the PTP device with 52° stage tilt, the
red-dotted box indicates the area where the thin film is transferred and the final specimen is prepared, (c) enlarged view of the final
specimen with the region of interest shown using the red-dotted box.

4.2.3 In Situ TEM Nanomechanical Experiments

Cyclicloading-unloading experiments were performed on the first thin film sample mounted on the PTP.
The in situ nanomechanical experiments were performed with the PI95 TEM Picolndenter from Bruker.
The sample was strained along the Y-axis (Figure 4-4 (a)) under displacement-control and subjected to
repetitive loading and unloading cycles at the displacement rate of 10 nm/s. After each cycle, the maximum
displacement was progressively increased. During mechanical deformation, the specimen was imaged in
BFTEM mode with an exposure time of 0.2 s. The cyclic experiments were conducted until the failure of the
specimen. The specimen was strained for 6 cycles and the maximum strain achieved until the failure was
1.2%.

The in situ nanomechanical response measured during the cyclic loading-unloading experiments of the
first specimen was corrected for drift. For a reliable drift correction, any manual interaction with the
Picolndenter for adjusting its position was avoided during experimentation. This ensured that the
mechanical drift that existed between the PTP and the indenter remained almost consistent through all the
straining cycles. The consistency of the drift was confirmed by monitoring the time stamps while the
indenter made contact with the PTP for each cycle. The recorded displacement was then corrected by
subtracting the measured drift at corresponding time stamps at each data point. The reliability of the drift
correction was confirmed by the overlapping of the loading and unloading curves of the PTP (Figure 4-5),
after fracturing of the sample. This ensured the accuracy of the drift correction both during loading and
unloading of the specimen. The PTP contribution was subtracted from the overall drift-corrected response
to obtain the true nanomechanical response of the sample (Figure 4-6).
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Figure 4-4 (a) up-STEM image, and (b) reference IPF map along the loading direction acquired using ACOM-STEM from the rectangular
region seen in (a). The grains analyzed are numbered.

For the second specimen, the in situ TEM cyclic deformation experiments were conducted for two cycles
in a displacement-control mode to confirm the BE. Following these experiments, a straining series was
recorded using load-control in pP-STEM mode with a condenser aperture of 30 pm leading to the
semiconvergence angle of ~ 1 mrad. ACOM-STEM mapping was performed at the spatial resolution of 4 nm
and precession angle of 0.4° during holding segments at different loading levels using the NanoMEGAS
ASTAR system. Starting from the undeformed state, during each step the load was increased by 100 pN at
the rate of 5 uN/s and held constant for 60 min at each holding segment. For the first 15 min of each
segment, the specimen was allowed to stabilize following which an ACOM-STEM map was acquired for 40
min. A series of ACOM maps was acquired for one complete cycle (loading and unloading) with a maximum
strain of 6.3% and for reloading up to 7.6% before failure of the sample. In addition, pP-STEM images were
obtained before and after each ACOM-STEM map using the HAADF detector with a camera length of 80 mm.
A reference STEM image at undeformed state is shown in Figure 4-4 (a) and an IPF map along the loading
axis is shown in Figure 4-4 (b).
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Figure 4-5 Drift-corrected load-displacement response of the PTP device which is overlapping during loading and unloading indicating a
fully elastic behavior as shown for two cycles.
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4.2.4 Data Processing and Analysis

The ACOM-STEM maps were indexed using proprietary software from NanoMEGAS. The resulting
crystal orientation maps were processed for a reliable quantitative analysis of grain rotation using the
‘Grain evaluation’ program by Kobler [205,206], as discussed in chapter 3. Using the ‘Grain evaluation’,
grain rotation maps were analyzed to exclude the bending or tilting of the specimen. Further, MTEX
5.2.beta2 by Bachmann et al. [211] was employed for the quantitative analysis of individual grain rotations
with respect to their rotation angles. The grains were selected from the deformation states in which the
specimen did not show any noticeable bending. These analyzed grains are numbered in Figure 4-4 (b).

4.3 The Bauschinger Effect in Nanocrystalline Palladium

Figure 4-6 shows the stress-strain curves obtained after drift correction of load-displacement response
during the cyclic deformation experiments. Figure 4-6 (a) shows the cyclic deformation response of 6
loading-unloading cycles and a loading curve, the peak stress of which corresponds to the failure of the
specimen. The curves are plotted to represent them continually. This means that each cycle begins at a
point on the baseline (zero-stress) where the previous cycle ends. Figure 4-6 (b) shows these 6 cycles as a
hysteresis plot where each cycle begins and ends at the origin. The maximum strain achieved for each cycle
is indicated in Table 4-1. The maximum stress and strain to failure are 1469 MPa and 1.22%. The strain to
failure obtained in the present study is consistent with prior results obtained by Colla et al. who reported
4%, 5.2%, and 2% for nc Pd thin films with thickness 310 nm, 160 nm, and 80 nm [22]. Further, the
maximum stress until failure in their case was in the range of 1300 to 1400 MPa for 80 nm thick film which
also fits in the present case.
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Figure 4-6 (a) Stress-strain response during cyclic loading-unloading experiments after drift correction for 6 cycles along with the curve
corresponding to the failure of the specimen, and (b) hysteresis plot for 6 cycles. The deviation of the unloading response from the linear
elastic trace (shown by blue dashed line) for cycle 6 is indicated by black arrows.

At lower stress levels (below 100 MPa), it is noted that the slope of the stress-strain curves increases
gradually. This means that the mechanical response during the early stages of loading deviates slightly from
a perfectly linear elastic behavior. This is expected due to systematic artefacts, that are probably related to
the slight unbending of the sample. This can typically also occur due to readjustment of contact between
the indenter and the PTP. As the stress in each cycle increases above 100 MPa, the stress-strain response
during loading is nearly linear without any noticeable transition from the elastic behavior to the onset of
plastic deformation although the maximum strain in the cycle is well above the conventional 0.2% limit.
This observation is explained by the extended microplastic regime that is typically shown by nc metals
unlike the sharp transition from elastic to plastic deformation in case of cg metals. For cycle 1, as seen in
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Figure 4-6 (a), the loading and unloading parts of the curves are seen overlapped with each other, indicating
an almost elastic response. From cycle 2 onwards, as the maximum strain increases, separation of the
loading and unloading parts of the curves is seen. This separation occurs due to plastic deformation in the
film. Another indication for the plastic deformation is the residual strain seen at the baseline as the sample
is fully relaxed. This residual strain on relaxation is seen to increase for each cycle which indicates that the
amount of permanent plastic deformation in the film increases (Figure 4-6 (b)). The unloading parts of the
cyclic curves showed a continuous change in their slope. Like the loading parts, no precise transition from
the elastic to the plastic regime is noticed. A straight dashed line is drawn fitting to the initial stages of
unloading for cycle 6 (Figure 4-6 (b)). It represents the expected trace of the curve if the specimen showed
a perfectly elastic behavior during unloading. The deviation of the unloading response of cycle 6 from the
linear response is noticed with reference to this line and it is indicated by black arrows. This non-linear
unloading response confirmed that there is plastic deformation in the reverse direction during unloading
or in other words, there is plastic recovery. This is evidence for the Bauschinger effect (BE) that leads to
plastic recovery during relaxation. The BE was observed for cycles 2 to 5 as well for which the linear fitting
is not shown in Figure 4-6 (b).

Cycle Maximum strain (€max) Bauschinger strain (gg)
1 0.39% 0.02%
2 0.46% 0.03%
3 0.5% 0.04%
4 0.67% 0.07%
5 1.16% 0.13%
6 1.2% 0.13%

Table 4-1 Maximum strain achieved for each cycle and the corresponding Bauschinger strain measured at 100 MPa.

The BE in nc Pd thin film occurring as a result of plastic recovery which is reflected from the
characteristic non-linear unloading response (Figure 4-6 (b)) is similar to the one reported by Xiang et al.
[49], Hoppel et al. [81] and Rajagopalan et al. [61] who observed it for other metallic thin films. Rajagopalan
et al. had observed a plastic recovery up to 0.38% for nc Al and 0.07% for nc Au [61]. In the present study,
assuming a complete unbending of the specimen at stresses above 100 MPa the plastic recovery or the
Bauschinger strain (eg) evaluated at 100 MPa from cycle 1 to 6 increases from 0.02% to 0.13% (Table 4-1).
Thus, the BE progressively increases as the maximum applied strain is increased. The ¢g is highly sensitive
to the loading or strain rate, the maximum strain achieved for each cycle, and the microstructural
heterogeneities in the specimen. All these factors influence the generation of stress build-up or deformation
heterogeneity in the specimen. As reported previously, the BE is associated with building-up of stresses at
GBs and/or film-substrate interface due to pile-up of dislocations [49,61,64,82]. The piling-up of
dislocations results in the generation of back-stresses at GBs. These back-stresses lead to a reverse motion
of dislocations during unloading and thus, reverse plastic deformation occurs. The BFTEM images (not
shown here) acquired during the cyclic deformation in the present study showed partially reversible
contrast changes in several grains. Further, after complete relaxation of the specimen on unloading after
each cycle, most of the grains continued to exhibit contrast changes for a few seconds. These observations
supported the presence of back-stresses on the relaxation of the specimen. The observed contrast changes
in the BFTEM images are attributed to complex contributions from the rotation of grains, activity of
dislocations as well as thickness and bending effects. The visualization and analysis of dislocations by
classical BFTEM in multiple nanoscaled grains with different orientations was not achieved due to the
single-tilt capacity of the straining holder and the challenges involved in tilting individual nano-grains to
the orientations needed for imaging dislocations. Considering these limitations, the ACOM-STEM results
obtained during the cyclic deformation were used to support the evidence for dislocation-based
mechanism and the associated BE as discussed in the following sections and chapter 5.
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4.4 Analysis of Grain Rotations

Grain rotations and texture characteristics can offer greater insights into deformation mechanisms
underlying the observed BE. ACOM-STEM in combination with the loading-unloading experiments
provided crystallographic orientation from a large number of grains representative of the specimen as a
whole. For analyzing the deformation characteristics, the rotation of a large number of grains was
evaluated by careful analysis of the changes in their orientations at each deformation step.

For reliable analysis of grain rotations, the accuracy of orientation measurements for small orientation
changes becomes critical. The angular resolution offered by ACOM-STEM is about 1° for a single
measurement [193,221]. The precision of the orientation measurements can be improved if an average
orientation is considered taking into account all the data points within a grain. For accurate measurement
of the grain rotations, the rotation angles were evaluated by considering the mean orientation, obtained by
averaging over all the data points within each analyzed grain. As an illustration, Figure 4-7 shows a
magnified view of one of the four {111} poles from a grain (grain 3 in Figure 4-4 (b)) for which orientations
from all the data points are shown before and after deformation. The information from each data point is
represented as a small-dotted marker. The mean orientation is shown by the bigger star-shaped markers
of respective colors. The standard deviation of angles evaluated between the mean orientation and
orientation from each data point is about 0.1° for both the deformed states. The mean rotation during
deformation is 0.5° as highlighted by the dotted arrow. The orientations from data points are broadly
clustered into 2 groups indicating the presence of a sub-grain boundary. Thus, the standard deviation
consists of contributions from not only the errors in orientation measurement but also other factors like
the presence of small-angle boundaries or curvature within the grain. The standard deviation averaged
over all the analyzed grains at the reference state (Figure 4-4) is 0.2°. The red error bar at 3.6% strain in
Figure 4-8 indicates this average standard deviation of the orientation spread within each analyzed grain.
This error bar reflects the upper limit for the reliability of orientation measurements, as it incorporates
contributions from the orientation gradients and variations due to small-angle boundaries within grains.
As the orientation is averaged over several data points, the precision of measurements over individual
grains is considerably enhanced.

(111) (111): before deformation
Y

(111): after deformation

Figure 4-7 A magnified view representing the orientation spread within the grain 3 (shown in Figure 4-4 (b)) plotted on a (111) pole figure.
The small red and blue markers denote the orientations at 3.6% and 4.8% strains, whereas the two larger star markers correspond to the
mean of the grain orientations at the respective deformed states. X-Y plane corresponds to a plane parallel to the specimen plane
according to the coordinate system shown in Figure 4-4 (a).
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The orientation refinement algorithm in the NanoMEGAS ASTAR software was used while indexing all
the orientation maps. As formulated by Rauch et al,, the algorithm ensures a further enhancement in the
angular resolution by interpolating the diffraction intensities between successive orientation templates
[193]. This results in greater precision of about 0.3° for orientation estimation. The fidelity of the
orientation measurements using this approach was further validated by Leff et al. in their analysis [222].
Thus, although pixel-level angular resolution is 1°, together with the orientation refinement and the small
standard deviation of 0.2° it is reasonable to analyze the ‘mean’ change in orientation or rotation of less
than 0.5°.
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Figure 4-8 Average grain rotation evaluated for 55 grains with blue error bars indicating the standard deviation of the rotation angles
evaluated at each deformation step during loading and unloading. The red error bar at 3.6% strain indicates the average standard
deviation of orientation changes including the contributions from curvature and small-angle grain boundaries within each analyzed grain.

The results of the analysis are shown in Figure 4-9 as grain rotation maps in which the rotation of each
analyzed grain is represented using the color code. The analyzed grains are marked with yellow color in
the reference map for which the initial deformation stage at 0% strain was selected. From the rotation
maps in Figure 4-9, it is seen that in the early stages of deformation (up to 1.9% strain) during loading
majority of the grains exhibit rotations in the range of 2-3 degrees. Often the grains in the close
neighborhood are seen to rotate by the same amount as it can be noticed from the same color of these
grains. Similar behavior is noticed for the later stages of unloading from 2.2% to 0.7% strain. These
observations suggest that there is a systematic bending of the specimen during the early stages of loading
and later stages of unloading. The experiments involving the acquisition of ACOM-STEM maps were
preceded by some in situ deformation experiments to investigate the BE. These prior experiments are likely
to introduce some permanent plastic deformation in the specimen. This residual plastic deformation is
reflected as the bending or tilting of the specimen once the arms of the PTP are at rest position.
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Figure 4-9 Grain rotation maps evaluated for the entire ACOM-STEM series during loading, unloading, and re-loading, and the
corresponding strain is indicated (in %) for each deformed state. The colored grains in each map are the ones analyzed and their rotation
(in degrees) is colored as indicated by the color bar. Based on the color bar, maximum rotations up to 10 degrees have been presented.
The grains that are not colored were not analyzed. The red-dotted square encompasses the rotation maps indicating bending of the
sample around an axis approximately 45° to the loading direction due to elongation of the film during earlier straining experiments
followed in BFTEM. These maps were excluded from the detailed data analysis.

The thin film specimen, during straining, eventually unbends and becomes flat. Based on this, Figure
4-10 shows the grain rotation maps that were analyzed with 3.6% strain as the reference state, and the
straining states below 3.6% strain were excluded. For the observation of very small changes of rotations,
these maps were plotted at a much finer scale to represent rotations of less than 1°. From the maps shown
in Figure 4-10, it is seen that from 3.6% to 4.8% strain the rotation of the majority of grains is less than
0.5°. Also, the magnitude of these rotations is different for grains located in close neighborhood, unlike the
observations from Figure 4-9. Thus, it is reasonable to consider that the bending effects of the specimen for
straining states greater than 3.6% are almost negligible. For the quantitative analysis of grain rotations in
the present and next chapter, 3.6% strain was selected as a reference state and the straining states below
it were excluded.
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Figure 4-10 Grain rotation map series excluding the bending/tilting stages indicated in Figure 4-9 with the 3.6% strain map as a reference
state. The colored grains in each map are the ones analyzed and their rotation (in degrees) is colored as indicated by the color bar. Based
on the color bar, maximum rotations up to 1 degree have been presented. No long-range rotation gradient is visible, indicating that no
bending/tilting of the sample occurred during this part of the straining series. The blue dotted box shows the region from which the
grains were selected for the detailed analysis. They are numbered as shown in Figure 4-4 (b).

Figure 4-11 shows grain rotation maps from the same region as seen in Figure 4-10 and compares the
mean rotation of each grain and the rotation at the pixel level, which represents intragranular rotation.
Figure 4-11 (a)-(e) show the maps considering the mean orientation of each grain with colors indicating
the degree of rotation relative to the orientation at 3.6% strain. It can be seen that the grains show distinct
rotation during loading indicating that these rotations are due to mechanical deformation of the sample
and not due to bending of the film. As the specimen is unloaded, a reduction in the rotation of the grains is
seen. This exemplifies the overall rotational response of the specimen as seen in Figure 4-8, which shows
the average deformation-induced grain rotation (excluding the states exhibiting sample bending/tilting)
evaluated for 55 grains. Thus, globally, the average grain rotation increases during loading and decreases
during unloading.
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Figure 4-11 (a)-(e) mean grain rotation maps and (f)-(j) intragranular rotation maps at the given strains. Some selected grains (encircled
in pink) show re-arrangement of sub-grain boundaries (shown in blue) in (f)-(j).
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4.5 Characteristics of Deformation-induced Grain Rotations

Considering the grain size distribution and plastic recovery observed in the sample as BE, operation of
both inter- and intragranular plasticity mechanisms driven by dislocations is expected. The grain rotation
maps obtained from ACOM-STEM data enabled the realization of the dislocation activity in multiple grains
during deformation. The dislocation activity within some of the grains indicated in Figure 4-11 (a)-(e) is
expected to drive their rotations. This is supported by the intragranular rotation maps obtained for the
same grains (Figure 4-11 (f)-(j)) that reveal significant rearrangement of sub-grain boundaries, providing
evidence for intragranular dislocation activity as a mechanism behind the grain rotation. These changes
are prominently seen for grains encircled in Figure 4-11 (a) and (f). On unloading (Figure 4-11 (h)-(j)), it
is noticeable that the sub-grain boundaries undergo a partially reversible motion. This indicates a reverse
motion of dislocations during relaxation due to the generation of back-stresses in the film.

For some of the analyzed grains, most of the pixels within grains show rotation almost equal to their
mean rotation without a noticeable change in the sub-grain boundary structure. From these observations,
there could be different possible contributions to the grain rotations. Considering the dislocation-based
mechanism, this may simply occur if the dislocations are emitted and escaped at another grain boundary
or free surfaces in the time interval between consecutive orientation maps. Therefore, not all evolving sub-
grain boundaries could be detected experimentally. From the analyzed specimen, the GB sliding or stress-
coupled GB migration were not noticeable. As a result, the dislocation-based processes are expected to
mainly control the deformation in nc Pd thin film. Furthermore, only geometrically necessary dislocations
(GNDs) are expected to contribute to the intragrain rotations whereas the activity of statistically stored
dislocation (SSDs) remains unaccounted in the grain rotation analysis. Further investigations on the role
of GNDs governing the local deformation characteristics in nc Pd are presented in the next chapter.

So far, in this section, the grain rotation and associated deformation mechanisms in nc Pd were
discussed. The magnitude of average grain rotation increased during loading whereas it decreased during
unloading. This fits well with the observed mechanical response, characteristic of the BE as shown in Figure
4-6. The BE is accompanied by relaxation due to the reduction and partial reversibility of grain rotations
during unloading. The grain rotation was shown to be partly occurring as a result of changes in the sub-
grain boundary structure which is attributed to significant intragrain dislocation activity evidenced from
the rearrangement of sub-grain boundaries. Overall, the distinct rotation of individual grains, both in terms
of magnitude (shown in Figure 4-11 (a)-(e)) and direction (as discussed in the next section), indicates the
generation of heterogeneous stress distribution and build-up of back-stresses at the grain boundaries. The
heterogeneous stress fields may develop due to heterogeneity in the microstructure due to differences in
the grain sizes, a larger grain surrounded by smaller grains. These could also result due to differences in
the grain boundary type, grain orientation as well as geometric incompatibility of the slip systems. The
microstructural heterogeneity has been shown to play a critical role in driving the BE in thin metallic films,
as reported in detail in ref. [61,63,223].

4.6 Global Crystallographic Texture Evolution

In the previous section, a significant contribution of dislocation activity within grains was shown to
cause their rotations. The dislocation activity in the presence of strong stress build-up raises an argument
on the extent to which the rotation of grains during deformation is dependent on their initial orientation.
Therefore, the orientation dependence and directionality of the rotations with respect to the global
straining direction were analyzed. Figure 4-12 (a) and (b) show the magnified vector representation of the
direction of rotation of the tensile axis on IPF for each analyzed grain during loading from 3.6% to 4.8%
and unloading from 5.1% to 3.6%. It is noted in both the figures that the tensile axis for each grain rotates
along different directions and often grains with similar crystallographic orientations tend to show different
rotation directions. The magnitude of rotations as seen from the length of these vectors in IPF are fairly
different. This is observed even for the grains numbered 1 to 10 that are spatially located very close to each
other. In addition, the orientation of the tensile axis of some of the grains (e.g. grains 4, 5, 6, and 8) are not
very different on the IPF, nevertheless, the magnitude and direction of their rotation are different. These
observations suggest that the rotations of grains with respect to the global tensile axis are to a great extent
independent of their initial orientations. The different magnitudes of rotations, as suggested in the previous
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section, also explain the impact of local stress build-up leading to heterogeneous rotations of the grains. It
is further seen that the vectors in most cases point in the exact opposite direction during loading and
unloading, indicating a reversible rotation of the grains with respect to the global straining direction. The
reverse rotation of most of the grains suggests that although the local stress distribution is heterogenous,
on unloading these stresses locally tend to drive the plastic deformation in the reverse direction, or in other
words, there is plastic recovery. These results are in good agreement with the observed BE and suggest
that the dislocation-driven grain rotations are significantly contributing to the rotations observed in Figure
4-12. For a few grains, it is noted that their tensile axis is not rotating in the exact reverse direction. The
rotational responses for these grains may be expected due to complex contributions from either dislocation
or GB-based processes or both.

(a)

001

011

Figure 4-12 Inverse pole figures showing the vectors magnified by 4 times of their absolute length by joining the initial and final positions
of the loading axis shown in Figure 4-4: (a) during loading from 3.6% to 4.8% strain, and (b) during unloading from 5.1% to 3.6% strain.
Vectors corresponding to the loading axis of grains 1 to 10 as seen in Figure 4-4 are annotated.

Winther and coworkers had made a comprehensive analysis of the lattice rotations of individual bulk
grains that were several micrometers large. They were able to experimentally show that rotations of the
grains are strongly dependent on their initial orientations with respect to the straining axis [85,86,90].
These rotations were attributed to the dislocation slip-based processes. However, their results showed
certain deviations from the Taylor and Sachs models. These deviations were explained based on the
interaction of grains and the stress build-up at grain boundaries. Such grain interactions were also reported
by others [93,96,100,224] for the cg metals.

Even for nc metals of grain sizes as small as 28 nm, Yang et al. were able to present the dislocation-based
plasticity mechanism by both experiments and simulations. However, the amount of strain in their case
was as high as 50% [147]. In the present case, the applied strain is much smaller, less than 10%. At these
smaller strains, mostly the primary slip systems would be expected to be activated. Thus, if a pure
dislocation-based mechanism is assumed to operate without interactions between the grains, the rotation
of most of the grains should be strongly dependent on their initial orientations. In that case, the texture
evolution would be expected to be in good agreement with the classical models of plasticity. However, in
the present study, significant randomization of the texture is seen for a majority of grains. For nc metals, it
is generally accepted that a random texture develops if the plastic deformation is dominated by the GB-
mediated processes. In contrast, the present study showed that dislocations are driving the majority of the
grain rotations, and these are to a great extent influenced by a strong stress build-up at the GBs that leads
to the BE. From these results, it is seen that even the operation of dislocation-based processes in presence
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of significant interactions between the grains and strongly heterogeneous stress fields could lead to
random texture. Detailed interactions between the grains based on dislocation-related processes and their
resulting rotation are discussed in the next chapter. From the present study, it may be concluded that an
absence of texture development does not necessarily justify the dominance of GB-mediated processes and
this could occur due to dislocation-based processes in the presence of strong stress build-up or due to
competition of these processes.

4.7 Summary

In situ TEM nanomechanical experiments were performed on nc Pd to measure the cyclic deformation
response. Nc Pd showed the Bauschinger effect which was confirmed from the significant plastic recovery
that was observed during unloading of the specimen. With the progressively increasing maximum strain
for each cycle, the amount of plastic recovery increased indicating that the BE became more pronounced
with increased deformation. The combination of these in situ experiments with ACOM-STEM yielded
further insights into the active deformation mechanisms underlying the observed BE. Detailed quantitative
analysis on several grains showed extensive grain rotations as the specimen deformed. On average, the
rotations of the grains increased on loading whereas a reduction in grain rotation was observed as the
specimen was unloaded indicating that rotation of grains in the specimen exhibiting BE is mostly
reversible. The analysis of intragrain rotation maps showed rearrangement of the sub-grain boundaries
within grains indicating that the grain rotations are primarily driven by the dislocation activity. The
forward and reverse motion of the dislocations explained the increasing and decreasing rotations of the
grains which are in agreement with the observed BE. The magnitude of rotations for the grains that are in
close neighborhood with each other was found to be different. This is presumably due to the development
of heterogeneous stress-field that arises due to the variation in microstructural characteristics like grain
sizes, crystal orientation, or GB character. The impact of stress heterogeneity was evidenced on the global
texture characteristics. The rotation of tensile axes for the majority of the analyzed grains was found to be
independent of their orientation and was mostly random, fitting to both dislocation as well as the GB-
mediated processes. For most grains, the rotation of the tensile axis was found to be reversible indicating
that the local stress fields on unloading lead to the plastic recovery within these grains. Based on these
observations, it was shown that dislocation activity in the presence of heterogeneous stress-field could lead
to the random texture during the deformation of nc metals.
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5 Grain Interactions in Nanocrystalline Palladium

5.1 Introduction

Several studies in the past have investigated the interaction between grains and proposed models to
account for these interactions. Most of these reported studies were focused on cg metals. In nc metals, these
interactions are expected to be far more complex due to increased interactions of dislocations with the GBs.
In addition, the GB-mediated processes are associated with rotational deformation. To investigate these
complex grain interactions, it is essential to locally analyze and establish a correlation between the rotation
of grain with its neighbors. For these local investigations, the same nc Pd specimen as probed in chapter 4
was chosen, a cropped region of which is shown in Figure 5-1. Some specific grains were selected from this
specimen that showed unusual interactions. Based on the analyses of these interactions, this chapter
presents a unique plastic deformation mechanism that involves the cooperative rotation of nanoscaled
grains during in situ cyclic loading-unloading experiments.
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Figure 5-1 Reference area for analysis of grain interactions: (a) up-STEM image showing unit cells scaled according to grain sizes and
representative of crystal orientation of grains, and (b) corresponding IPF map along the loading direction (Y-axis).

5.2 Estimation of GND Density

The Nye tensor analysis was performed for estimating the GND density using the ATEX software
programmed by Beausir and Fundenberger [213]. For analysis of the GND density, a kernel orientation
filter was applied with 1 neighboring pixel and the maximum exclusion angle of 5°. The maximum
disorientation angle used for the analysis was 5° and a smoothing level of 2 was applied for the reduction
of noise. The maximum value of the entry-wise norm of the Nye tensor was scaled to 3 um-! to obtain the
spatial distribution of the scalar GND density as color maps.

5.3 Cooperative Grain Rotations

Microprobe STEM (up-STEM) with annular dark-field (ADF) imaging offers information sensitive to the
diffraction from each grain. The contrast changes in these images are sensitive to change in the
crystallographic orientation of the grains during plastic deformation. These contrast changes can be
effectively used to track the rotation of grains. The propagation of these contrast changes from one grain
to its next neighboring grain with increasing or decreasing global strain is an indication of interaction
between the grains. Thus, up-STEM imaging during in situ straining experiments was used to visualize the
complex interactions between grains that exhibited step-wise changes in their rotation with one grain
rotating after another as the deformation progressed. In the present study, these rotations are referred to
as cooperative grain rotations (CGR).
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Figure 5-2 shows the pup-STEM image series acquired after the acquisition of each ACOM-STEM map.
The STEM series consists of images that were acquired during loading, unloading, and reloading of the
specimen. The corresponding strains measured at each step are shown in the images. The purple arrows
are indicated for visualization of the approximate direction of propagation of the contrast changes from
grain to its neighbor. In Figure 5-2 (a-c), it is seen that during loading from 3.6% to 6.3% the contrast
successively changes from grains 6 to 4 to 3 as shown by the arrows. On unloading, in Figure 5-2 (d-f), the
contrast changes are seen in the reverse direction from grains 3 to 4 to 6 towards grains 9 and 10. On
reloading in Figure 5-2 (g-i), similar changes in the contrast could be seen through the same sets of grains
that showed this effect during the initial loading (Figure 5-2 (a-c)). The STEM images in Figure 5-2 were
acquired in microprobe mode with a low semi-convergence angle of 1 mrad and a camera length of 80 mm.
This results in the collection of mostly the Bragg-diffracted signals from each grain thereby leading to a
contrast sensitive to the crystal orientation. Thus, these contrast changes are an indication of grains
showing a correlative change in their orientation. It is noted that grains 5 and 7 including some other
neighboring grains do not exhibit a significant change in contrast. Furthermore, they do not show any
correlation with the systematic and almost reversible contrast changes occurring in grains 3, 4, 6, 9, and
10. The correlative contrast changes occurring in grains 3, 4, 6,9, and 10 reflect their propensity to undergo
a cooperative deformation. As this deformation process is associated with the rotations of grains, it is
termed cooperative grain rotation.
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Figure 5-2 Microprobe STEM images acquired after each ACOM-STEM map showing cooperative rotation of grains: (a)-(c) loading, (d)-(f)
unloading, and (g)-(i) reloading. The corresponding strains at each deformation state are indicated in the images. The grains in (a) are
numbered as in Figure 5-1.
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It may be noted that the CGR occurs in a step-wise manner, one grain rotating after another. It does not
occur simultaneously or as a collective rotation of multiple grains at the same time. This is unlike the
collective rigid body rotation of multiple grains that is usually associated with the GB-mediated processes.
As the geometry of the HAADF detector is annular, it may be concluded that the contrast changes seen in
Figure 5-2 are due to the rotation of the grains with a strong out-of-plane component. Under these
conditions, the rotations with a pure in-plane component are not detected. Figure 5-3 shows the rotation
of specimen Z-axis in the crystal reference frame. It is seen that a majority of grains show absolute rotation
greater than 0.2° which suggests their strong out-of-plane rotation. The strong out-of-plane components of
the grain rotation are expected due to the microstructural constraints including anisotropy of crystal
orientation. Due to the strong anisotropy of the crystal orientations along the growth direction for the
majority of grains, a set of slip systems with a specific inclination with respect to the growth direction or
the plane of the film is preferentially activated. From the orientation of each grain determined using the
ACOM-STEM in the previous chapter, the Schmid factor was analyzed for the grains shown in Figure 5-2
(a). The film mostly consists of a single layer of grains with free surfaces. Assuming the back-stresses at the
film-substrate interfaces to be relatively small, the stresses on a grain due to its neighbors are mostly
confined within the plane of the film. As a simplified approximation, the Schmid factors were evaluated
considering a uniaxial stress tensor in the direction of externally applied load which is along the Y-axis
according to the coordinate system shown in Figure 5-1. Table A-1 shows the analysis of the Schmid factor
for grains 1 to 10. Due to a strong {111} texture in the film, the majority of the grains have their <110>
(111) slip systems almost parallel to the film plane. These are referred to as the in-plane slip systems. For
the remaining 9 slip systems, the slip planes are comparatively at a much greater inclination with the plane
of the film. Accordingly, these have been categorized as out-of-plane slip systems. As seen in Table A-1, for
most cases, the in-plane slip components have a relatively lower Schmid factor compared to the out-of-
plane slip systems. This is explained by the geometric arrangement of these slip systems. The in-plane slip
plane normals are near orthogonal to the loading axis. As a result, the resolved shear stresses on the in-
plane slip components are lower. This is also valid for the stresses on a grain due to its neighbors, since
these are mostly confined within the film plane, and their contribution to activating the in-plane slip
systems is negligible. Thus, for simplified analysis, it is reasonable to consider a uniaxial stress tensor to
evaluate the Schmid factors. Since the film is composed of mostly a single layer of grains through the
thickness and the grains have a free surface on the top, there is a greater probability of the activation of
out-of-plane shear components. This explains the strong tendency of the grains to undergo out-of-plane
rotation during deformation.
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Figure 5-3 Probability distribution of rotation angles of the specimen Z-axis as shown Figure 5-1.
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5.4 Local Quantitative Analysis of the Cooperative Grain Rotations

Figure 5-4 shows the local analysis of mean and intragranular rotation from the same area as shown in
Figure 5-2. From the color maps in Figure 5-4 (a)-(b) and (b)-(c) it is seen that the amount of rotation from
grains 6 to 4 and 4 to 3 gradually increases as the strain is increased. Similarly, a gradual reduction of the
rotations could be seen for these specific grains in Figure 5-4 (d)-(e), as the strain is decreased. Figure 5-4
(f)-(j) show significant rearrangement of sub-grain boundaries for these grains during loading and to a
certain extent, this is also reversible on unloading. These observations qualitatively support the
deformation heterogeneity resulting from dislocation activity within these grains and at the GBs. Thus,
cooperative and mostly reversible rotation of grains occurs during the plastic deformation in nc Pd. The
reversibility in the grain rotations fits the localized plastic recovery and the Bauschinger effect seen for the
same specimen as a whole in the previous chapter.
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Figure 5-4 Mean and intragranular rotation maps for the grains exhibiting cooperative grain rotation.

To further understand the characteristics of the CGR, critical analyses were performed for the grains
marked in the STEM image in Figure 5-2 (a). The mean orientations of the grains for the initial 3.6% and
final deformation state at 4.8% strain are shown in Table A-2. Based on these orientations, all the slip
directions for each grain were plotted on a stereographic projection at both the deformation states as
shown in Figure 5-5. Since the absolute changes are small, for visualization, rotation of the slip directions
are indicated by lines that show the rotation enhanced by a factor of 15. To visualize and understand the
rotation of these slip directions with reference to the specimen coordinates, the stereographic projection
is overlaid on the Wulff net. The loading axis is parallel to the Y-direction. The rotational trajectories of the
slip directions of grains 5 and 9 could be seen overlapping with the great circles parallel to the Y-axis,
indicating that some specific slip directions of these grains tend to rotate along the global straining
direction. This rotational behavior is expected for grains in FCC metals undergoing plastic deformation
without significant influence from the local stresses due to neighbors. This shows that the rotation of these
grains is most likely influenced by the applied external stress field (o.). However, the rotational trajectories
of the slip directions of several other grains like 2, 3, 4, and 8 are inclined at a high angle with respect to
the great circles parallel to the Y-axis. The slip directions of these grains do not rotate towards the straining
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axis. Thus, the rotation of these grains does not appear to be governed by the g.. This behavior could be
explained by the stress heterogeneity in the specimen leading to generation of a local stress field (o1)
around these grains which is different from o.. The influence of stress heterogeneity on the global grain
rotation and the random texture development was discussed in the previous chapter. The stress
heterogeneity is mainly expected due to the dislocation pile-up. The formation of dislocation pile-up can
lead to a preferential interaction between these grains, one grain influencing the rotation of its neighboring
grain as confirmed from the STEM series (Figure 5-2) and the mean grain rotation maps (Figure 5-4). Thus,
the CGR can lead to the deviation of rotation paths of the slip directions from the ones that are expected in
absence of the CGR during deformation.
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Figure 5-5 Stereographic projection showing the rotation of slip directions for grains 1 to 10. The actual positions of slip directions before
and after deformation are shown using circular markers. The rotation of slip directions is indicated by lines, the length of which
corresponds to 15 times the rotation angles shown in Table A-2. A schematic of the specimen reference frame is shown with Z-axis along
the electron beam direction and X- and Y-axes parallel to the plane of the film. The IPF map is shown with colors representing orientations
along the loading axis (Y). ge denotes the external applied stress on the specimen along Y-axis. A schematic of an FCC crystal with {111}
orientation is shown to rotate under the influence of the local stress field ojaround it.
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5.5 Local Analysis of Geometrically Necessary Dislocations

In the present study, the CGR occurs in a step-wise fashion with significant rearrangement of the sub-
grain boundaries suggesting that dislocations are driving the rotation of these grains. It is challenging to
track the dislocation activity simultaneously in these nanoscale grains with different orientations using the
classical TEM. However, with the ACOM-STEM data, it is far more feasible to analyze the GND density based
on the intragrain rotation or the curvature changes within all of these grains. These analyses can facilitate
the detailed understanding of the role of dislocation-based processes in CGR.

Locally, as seen from the STEM image series in Figure 5-2, the contrast in the grains undergoing CGR is
non-uniform. The intragranular grain rotation maps for the same grains in Figure 5-4 (f)-(j) show a
significant rearrangement of the sub-grain or the low-angle grain boundaries during loading and unloading.
These observations indicate that there is a change in the curvature within these grains. This curvature is
induced by non-uniformity in the rotation of crystallographic planes due to constraints imposed by the
neighboring grains across the GBs [225], and it is accommodated by the GNDs. The characteristics of the
intragrain rotation can facilitate the understanding of the lattice curvature and thus shed light on the GND
activity.
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Figure 5-6 Illustration of cooperative grain rotations based on nucleation, propagation, absorption, and piling up of GNDs at or in the
vicinity of certain GBs marked using arrows.

Figure 5-6 (a)-(e) show the spatial distribution of the GND density p2X, represented as color maps for
varying strain levels during the loading and unloading. Considerable changes in the GND density can be
noted in some of the grains whereas others barely show any significant change in the density. Here, the
behavior of a few grains is described to understand the CGR. For grains 5 and 7, the overall GND density
increases on loading to the peak strain (Figure 5-6 (c)) whereas it reduces on unloading (Figure 5-6 (e)).
No significant change of GND density is seen at € = 4.8% for these grains. On the contrary, the neighboring
grain 3 of relatively greater size shows different behavior. During loading, grain 3 with an initially low
density at € = 3.6% (Figure 5-6 (a)), the GND density increases at € = 4.8% (Figure 5-6 (b)) but reduces as
the strain is further increased to € = 6.3% (Figure 5-6 (c)) and again increases as the specimen in unloaded
to € = 3.6% (Figure 5-6 (e)). Grain 11 shows an almost continuous increase in the GND density during
loading and on unloading to € = 5.1% (Figure 5-6 (d)). It is worth noting that the GND density in grain 11
during deformation is mostly concentrated at the vicinity of its GBs with the other grains and the density
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has significantly increased at the GB between grains 3 and 15 on unloading to € = 5.1% (Figure 5-6 (d)).
This sharp rise in the GND density unambiguously reflects the building of dislocation pile-up that is
developed in grain 11 at the vicinity of its GB with grains 2, 3, and 15 on unloading from € = 6.3% to € =
5.1%. Interestingly, this pile-up at the GB with grains 2, 3, and 15 almost vanishes as the specimen is further
unloaded to € = 3.6% (Figure 5-6 (e)). Grains 9, 12, and 13 do not show significant changes in the GND
density during loading and unloading. Thus, the dislocations contribute to the intragrain plasticity at least
for those grains in which the GND density was observed to evolve significantly. The evolution of the GND
density is significantly different for the analyzed sets of grains in close proximity with each other. This
indicates that these grains are subjected to significantly heterogenous stress fields within the length scales
of a few tens of nanometers. The increase in the GND density within some grains and especially at the GBs
shows that there is a significant generation of back-stresses on unloading the specimen. The development
of the dislocation pile-up at GBs and the back-stresses eventually contribute to the observed BE as
discussed in chapter 4.

With the presented analysis here, only the GNDs that generate lattice curvature leading to orientation
differences and exhibit net Burgers vector were assessed. However, the intragrain plasticity cannot be fully
analyzed only based on GNDs or local orientation changes. In absence of lattice curvature or GNDs, the
statistically stored dislocations (SSDs) can exist without exhibiting net Burgers vectors and any significant
misorientations [217]. The SSDs in the grains were not analyzed owing to the aforementioned experimental
limitations. Thus, for the grains that do not exhibit any significant changes in the GND density, the
possibility of intragrain plasticity cannot be excluded.

5.6 Mechanism of the Cooperative Grain Rotations

The evolution of GND density is further analyzed to understand the cooperative grain rotations. As seen
in Figure 5-6 (a), the initial GND density within most parts of grain 3 is low. However, it can be noticed that
in close proximity to the GB with grain 4 (GB 3-4), the density is noticeably higher (as indicated by the
arrow in Figure 5-6 (a)) and the GNDs appear to have already transmitted inside grain 3. At this state, it is
seen that the GND density at the GB of grain 3 and other neighboring grains is mostly lower. As the strain
is increased to € = 4.8% (Figure 5-6 (b)), there is an abrupt increase in the GND density almost throughout
the grain, whereas the density in the proximity to other neighboring GBs is similar to that in the grain
interior. These observations suggest that the GNDs preferentially nucleated from the GB 3-4. The stress-
field at the GB 3-4 is sufficiently high for the dislocations to propagate from GB 3-4 to the interior of grain
3. The dislocations propagated to large distances from GB 3-4 as can be seen from the continuous density
bands (indicated by arrows in Figure 5-6 (b)), almost normal to GB 3-4. At the same deformation state, a
parallel set of bands with increased density can be seen in grain 4 as well (Figure 5-6 (b)). Thus, at € = 4.8%,
the GNDs propagated on both sides of GB 3-4 at the same time driving the observed cooperative rotation
for grains 3 and 4 which is reflected as a simultaneous contrast change in the STEM series (Figure 5-2 (b)-
(c)) and their rotation in the maps shown in Figure 5-4. On further straining to € = 6.3%, there is a reduction
in the GND density within grain 3, and some high density is seen in proximity to the GBs with neighboring
grains (indicated by arrows in Figure 5-6 (c)). This shows that the GNDs most likely propagated further
and were absorbed in the GBs at the other end of grain 3.

As the specimen is unloaded to € = 5.1% (Figure 5-6 (d)), the GND density in grain 11 is mostly
concentrated in the vicinity of GBs and especially at the GB between grain 3 and 11 (GB 3-11) (as indicated
by the arrow in Figure 5-6 (d)). As the specimen is further unloaded to € = 3.6% (Figure 5-6 (e)) the GND
density in grain 11 abruptly reduces and the density within grain 3 is significantly enhanced. Thus, the
back-stresses that developed at GB 3-11 and GBs with other neighboring grains during unloading were so
severe that the dislocations propagated across grain 3 driving its backward rotation which is seen in Figure
5-4 (i)-(j). This is direct evidence for reverse plastic deformation or plastic recovery that leads to the BE in
nc Pd on relaxation. A similar effect is observed for grain pairs 9 and 10 when unloading from € = 5.1% to
€ = 3.6% (Figure 5-6 (d-e)). The GND density reduces at the GB 9-10 in grain 9 and enhances in grain 10 (as
indicated by the arrow in Figure 5-6 (d-e)), thus, driving the CGR for these pairs as well. This characteristic
feature of CGR is also evident during loading for the grain pairs 3 and 4 in Figure 5-6 (b) which shows that
the GND density suddenly enhanced throughout grain 3. Based on the above discussion, it is clear that two
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grains that undergo CGR showed nucleation of dislocation at their GBs, followed by their propagation and
absorption at the GBs with next neighbors. This process was partially reversible on unloading as the
dislocations piled up at the GBs with the same neighbors and there was a ‘back-propagation’ in the same
grain. This is direct evidence of grain interaction in nc metals that shows that rotational deformation in
grain is influenced by the grains in its direct neighborhood.

The rotation of grains undergoing CGR in the nc specimen does not only depend on their orientation and
grain size but is significantly influenced by their neighbors, the geometric arrangement of GBs, and GB
characteristics. To understand the role of these factors, the geometric arrangement of the slip systems in
grains 3, 4, and 5 is analyzed. Here, only grains 3 and 4 participate in the CGR as seen from the STEM series
(Figure 5-2). Figure 5-7 (a) shows the traces of {111} slip planes of grains 3, 4, and 5. As discussed before,
the out-of-plane slip systems have higher Schmid factors (Table A-1) leading to a greater probability of
their activation. So, the out-of-plane slip planes have a greater tendency to exhibit the dislocation slip-based
processes. It is seen that the out of (film) plane slip planes of grains 4 and 5 are mutually almost orthogonal
to the slip planes of grain 3. Similarly, the traces of {111} slip planes for grains 4 and 6 are also at high
angles to each other (Figure 5-8). The (almost) orthogonal sets of slip planes constitute geometrically
highly incompatible systems for slip transmission, leading to dislocation pile-ups at these GBs as shown
schematically in Figure 5-9.
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Figure 5-7 (a) Traces of {111} planes of grains 3, 4, and 5, other marking conventions representing the rotation of slip directions are same
as shown in Figure 5-5, and (b) grains 3, 4, and 5 with traces of their grain boundaries and unit cells representative of their crystal
orientations.
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Figure 5-8 Traces of {111} planes of grains 4 and 6, other marking conventions representing slip directions are same as shown in Figure
5-5, and (b) grains 4 and 6 with traces of their grain boundaries and unit cells representative of their crystal orientations.
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The compatibility of the active slip systems in adjacent grains can be understood from the compatibility
factor (m’) as formulated by Luster and Morris [226]. This factor is evaluated by calculating the angle (k)
between the slip directions in grains A and B and the angle (®) between the normal to the slip planes. m’ is
calculated as m = cos @ . cos k. For m’ = 1, the slip systems are completely compatible since geometrically
the slip planes and directions in both the grain are parallel. For m’ = 0, the slip systems are completely
incompatible as in that case either the slip directions or slip planes are orthogonal. Thus, depending on the
geometric arrangement of slip systems, m’ can vary between 0 and 1. Table 5-1 shows the compatibility
factors evaluated for the most active systems based on the Schmid factor analysis of the grain pairs shown
in Figure 5-7 and Figure 5-8. From these factors, it is noted that grain pairs 3-5, 4-5, and 4-6 have very low
m’ which makes them highly incompatible for slip transmission. Due to their low compatibility, there is a
strong barrier imposed for the dislocations for their transmission through the GBs leading to dislocation
pile-up formation and stress build-up. As the level of stress is sufficiently high at the GB, dislocations should
nucleate into the neighboring grain [144]. m’ for grains 3-4 is comparatively higher which makes the slip
transmission easier. This is in good agreement with the evolution of dislocation density that shows clear
transmission and propagation of dislocations across GB of grains 3 and 4 in Figure 5-6 (a)-(b). This is also
reflected from the simultaneous contrast change observed for these grains in the STEM images (Figure 5-2)
and their rotation as seen in Figure 5-4. Here, two pairs of grains, 3-4 and 4-6, with incompatible GBs are
shown (Figure 5-7 and Figure 5-8). In a series of several grains connected by such incompatible GBs, this
should result in the rotation of one grain due to propagation of dislocations and after sufficient stress at GB
with the next neighboring grain building up, the rotation in the next grain would be initiated. This process
can continue over several grains leading to a long-range cooperative grain rotation as seen in the STEM
series (Figure 5-2). From the above analysis, it is concluded that the geometric compatibility of the slip
systems across grain boundaries plays a critical role in driving the CGR.

Grain pairs (A-B) Active slip system (A) Active slip system (B) Compatibility factor

(m’)
3-4 [0-11](-111) [-110](11-1) 0.71
3-5 [0-11](-111) [-110](11-1) 0.1
4-5 [-110](11-1) [-110](11-1) 0.1
4-6 [-110](11-1) [-1-10](-111) 0.03

Table 5-1 Analysis of the compatibility factor calculated for the most active slip systems based on the Schmid factors presented in Table
A-1.
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Figure 5-9 Schematic showing the geometric incompatibility of slip systems with their slip planes arranged almost orthogonally leading
to dislocation pile-up at the GBs.
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A variety of mechanisms on the collective or simultaneous grain rotations in nc metals have been
reported in the past using different TEM techniques like dark-field TEM [145], HRTEM [131], and a
combination of bright-field and ACOM-TEM [148]. Wang et al. had observed simultaneous (collective)
rotation of several grains in the direct neighborhood in a coordinated manner and it was explained by the
climbing of dislocations into triple junctions or grain boundaries and no intragranular dislocation
processes were observed [131]. These observations were made using HRTEM and were restricted to the
analyses of in-plane rotations alone without any detailed consideration of tilting/bending of the specimen.
In the present case, with the combination of microprobe STEM imaging and ACOM-STEM, a significant out-
of-plane contribution was observed (Figure 5-2 and Figure 5-3). Overall, the results of the GND analysis
suggest that the dislocation-based processes are dominant in driving the CGR compared to the GB-
mediated processes. To further support this, the characteristics of GBs between the grain pairs were
evaluated considering their misorientation axes and angles in the initial (¢ = 3.6 %) and final (¢ = 4.8 %)
deformation states. The results of the analysis are listed in Table A-3 and are plotted on an IPF in Figure
5-10. It is seen that majority of the GBs between grain pairs, for e.g., 2-3, 3-4, 4-6 and 9-10 which exhibited
CGR do not change their character significantly. On the other hand, for the grain pair 4-5, there is a change
in the misorientation axis, where grain 5 does not participate in the CGR. Grains 4 and 5 have a small
misorientation of 5° and are neighbors to each other, nevertheless, there is a change in the GB character
between grains 4 and 5. Thus, due to participation in the CGR, grain 4 rotates differently with respect to
grain 5 as seen in Figure 4-12 and Figure 5-5. Retention of the GB characteristics during CGR is an indication
that the CGR is to a great extent driven by the dislocations.
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Figure 5-10 Misorientation axes of the selected grain pairs represented in an IPF before and after deformation, denoted by blue and red
markers.
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5.7 Summary

In this chapter, local analysis of grain interactions was presented for nc palladium during in situ cyclic
loading-unloading experiments. Microprobe STEM image series showed contrast changes propagating
through sets of grains leading to the CGR. These changes were also seen in the quantitative grain rotation
analysis. The CGR was mostly reversible which is in agreement with the observed plastic recovery leading
to the Bauschinger effect. The CGR occurred in a step-wise cooperative manner with one grain rotating
after another, unlike the simultaneous rigid body rotations as typically expected for the GB-mediated
rotations. The Nye tensor analysis to estimate GND density confirmed dislocation activity leading to the
intragrain rotations in grains. The GND density evolved differently in the grains next to each other during
loading and unloading in response to the heterogeneous stress field. The dislocation pile-up formation was
confirmed at GBs and GB triple junctions as the specimen was unloaded. This pile-up formation occurred
due to the generation of back-stresses on unloading, leading to the BE. The pile-up formation at specific
GBs was explained based on geometric incompatibility of the slip systems across the GBs. Based on this
model, only after sufficient stress buildup at the GBs, the dislocations are transmitted into the neighboring
grain and drive the rotation of this grain. In a series of grains connected by the incompatible grain
boundaries, this process may be carried over multiple grains leading to a step-wise CGR which to a
significant extent is reversible on unloading. This was justified by an abrupt reduction of the GND density
at GBs on unloading together with its increment in a neighboring grain that exhibited CGR. Overall, the CGR
is established as a cooperative plastic deformation process extending over multiple grains metals due to
complex dislocation-based grain interactions which contribute to the evolution of random texture in nc
metals.

82 Grain Interactions in Nanocrystalline Palladium



6 Deformation Mechanisms in NMCs under Cyclic Tribological Contact

6.1 Introduction

The present chapter aims at exploring the role of heterointerfaces and chemical composition at
nanoscales in NMCs deformed under tribological loading. From the perspective of tribological performance,
it is essential to understand the role of interfaces in controlling the plastic deformation mechanisms and
thus the mechanical characteristics of NMCs. Broadly, the interfacial characteristics can be tailored by
modifying their coherency and transparency. Both these factors determine the ease of transmission of
dislocations across the interfaces and thus influence their plastic deformation. The microstructural
evolution of the component layers in NMC systems can offer significant insights into the plastic deformation
processes operating within individual layers as well as in the multilayered system. In this study,
comparative investigations were conducted on two NMC systems (Figure 6-1) with different interface
structures that were deformed under tribological loading. Figure 6-1 (a) shows the NMC in which both the
component layers are pure nc FCC metals Au and Cu with semi-coherent interfaces. On the other hand,
Figure 6-1 (b) shows the NMC in which one component is pure nc FCC (Cu) and the other component is
pure nc BCC (Cr), thereby forming incoherent interfaces.

(a) (b)

Figure 6-1 Schematic of the NMCs with nc FCC/FCC and FCC/BCC components.

This chapter presents the microstructural investigations with the aid of TEM on the NMC systems shown
in Figure 6-1 that were deformed ex situ using cyclic sliding contact. From these investigations, a
comparative analysis of the unique deformation microstructures obtained in these systems is presented
based on various material parameters like crystallography, grain structure, interface characteristics, elastic
modulus, hardness, chemical miscibility, etc. The fundamental understanding of the role of these
parameters on microstructural evolution has offered greater insights into the active deformation
mechanisms.

6.2 Experimental

6.2.1 Preparation of NMC Thin Films

Two batches of NMCs, Au/Cu and Cu/Cr were sputter deposited on a 500 um thick Si (100) substrate by
radio frequency magnetron sputtering under the base pressure of less than 107 torr and working gas
pressure 0.4 Pa. The purity of the Cu, Au, and Cr targets was 99.999 at.%, 99.95 at.%, and 99.95 at%
respectively and their deposition rate was 0.3 nm/s. The Au layer was deposited as the topmost layer in
Au-Cu NMC and Cu in the case of Cu-Cr to minimize the effects of surface oxidation. The nominal layer
thickness of Cu and Au was 100 nm whereas for Cr the thickness was around 50 nm. The NMCs were
prepared by G.-P. Zhang at the Institute of Materials Research, Chinese Academy of Sciences, Shenyang,
China.
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6.2.2 Cyclic Sliding Experiments

The sliding experiments were performed using a Nanoindenter G200 XP (Agilent technologies)
equipped with a spherical diamond tip of 16.7 um diameter. A constant normal load of 10 mN for Au-Cu
and 20 mN for Cu-Cr multilayers was applied. The sample stage was moved back and forth at a rate of 5
um/s over a distance of 100 um. Greater details regarding the selection of the normal loads for each system
are described in 6.3. Tests were performed up to 100 cycles for Au-Cu NMCs and 1000 cycles for Cu-Cr
NMCs with one back and forth movement defined as one sliding cycle. The sliding experiments were
performed by Z.-P. Luo and R. Schwaiger at KIT, Germany.

6.2.3 TEM Specimen Preparation

For TEM specimen preparation, the wear tracks corresponding to the specific number of loading cycles
were identified. To investigate the anisotropy in microstructural evolution in response to reciprocating
stress-field of the indenter, the sections were lifted either parallel or perpendicular to the wear track as
shown in Figure 6-2 (a). The TEM specimens were prepared using the standard lift-out technique by FEI
Strata 400S Dualbeam FIB. The specimens were prepared jointly by Z.-P. Luo and A. Kashiwar at KIT,
Germany.

Figure 6-2 (a) SEM image of the sliding track with the schematic of transverse and longitudinal sections chosen for the lift-out, (b) example
of a finished FIB lamella from a transverse section of an Au-Cu NMC specimen deformed for 50 sliding cycles.

6.2.4 TEM Microstructural Characterization

ACOM-STEM

ACOM-STEM was performed with precession electron diffraction using the ASTAR system on the FEI
Tecnai F20 ST TEM. The TEM was operated at 200 kV in microprobe STEM mode using a 30 um condenser
aperture, 4.5 kV extraction voltage, gun lens 3, spot size 8, and camera length 80 mm. The probe size was
around 1 nm with a convergence angle of about 1 mrad. The step size for the maps was selected in the range
1 nm to 1.5 nm depending on the size of the features and overall sampling size for each specimen. The
precession angle used was in the range of 0.3-0.5 degrees.

EFTEM-SI

EFTEM spectral imaging (EFTEM-SI) maps were acquired for a Cu-Cr specimen deformed for 200 cycles
using the FEI Titan 80-300, equipped with a GIF Tridium spectrometer with a BM-Ultrascan CCD camera.
The TEM was operated at 300 kV with 4.5 kV extraction voltage, gun lens 3, and spot size 3. The EFTEM-SI
maps were acquired in microprobe EFTEM set-up with the frame size of 512 x 512 and pixel size of 0.86
nm x 0.86 nm. The filtered energy for pre- and post-edges and the corresponding slit widths and exposure
time selected for Cu and Cr are indicated in Table A-4. The resulting EFTEM-SI map was obtained using the
3-window method after drift correction. The EFTEM-SI measurements were conducted jointly by A.
Kashiwar and X. Mu at KIT, Germany.
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6.2.5 Data Processing

The ACOM-STEM results were processed using the ASTAR software package by the template matching
procedure. The template banks for both Cu and Cr were generated using DiffGen V2 with the parameters
indicated in Table A-5 whereas the indexing was performed using the parameters summarized in Table
A-6. After indexing, the resulting maps were corrected for 180° ambiguity [206,208] to correct the
ambiguous misorientations in the crystallites. The filtering and processing of the data were performed
using the ‘Grain Evaluation’ in Matlab 2013b.

6.3 Physical and Mechanical Properties of Sputtered NMC Thin Films

Figure 6-3 shows the cross-section images of Au-Cu and Cu-Cr NMCs on Si-substrate in the as-prepared
state. The images were acquired using the through-the-lens detector (TLD) and show the contrast which is
partly sensitive to the atomic number, contributed by the BSEs. The Cu layers in Figure 6-3 (b) also show
the contrast which is slightly sensitive to the orientation of nano-sized crystallites due to channeling effects.
The bottom-most layers in Figure 6-3 (a) and (b) are Cu and Cr. The Au-Cu NMC consists of 5 layers each of
Au and Cu whereas the Cu-Cr counterpart consists of 5 layers each of Cu and Cr as well.

Figure 6-3 Cross-sectional views of as-sputtered (a) Au-Cu, and (b) Cu-Cr NMCs. The images were acquired using an FEI Nova 200 Nanolab.
(courtesy of Z.-P. Luo, KIT, Germany).

The physical and mechanical properties of the sputtered multilayers are summarized in Table 6-1. From
Table 6-1, it is seen that replacement of Au layers with Cr layers of nearly half the volume fraction results
in an enhancement of the hardness of Cu-Cr NMC which is over 200% of the hardness of Au-Cu NMC. On
the other hand, the modulus of Cu-Cr NMC is almost 150% of that of Au-Cu NMC.

NMC model system Au-Cu Cu-Cr
Crystal system Au: FCC, Cu: FCC Cu: FCC, Cr: BCC
Total thickness (nm) 1062.3+26.9 790.2 +16.4
Total number of layers 5 each of Auand Cu 5 each of Cu and Cr
Individual layer thickness Au: 110.0+3.2 Cu: 106.6 + 6.8
(nm) Cu:101.6+11.6 Cr:53.6+3.0
Modulation period (nm) ~ 210 ~ 160
Modulation ratio (1) Au/Cu=1.1:1 Cu/Cr=2:1
Lattice misfit ~11.5% ~2%
Interface coherency Semi-coherent incoherent
Hardness of NMC (GPa) 2.25+0.09 5.67 £ 0.08
Modulus of NMC (GPa) 127.0+1.8 190.4+2.8
Mutual solubility Miscible Immiscible

Table 6-1 Multilayer dimensions and their mechanical properties (courtesy of Z.-P. Luo and R. Schwaiger, KIT, Germany).
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Figure 6-4 Plot of penetration depth versus the number of cycles for Au-Cu and Cu-Cr NMCs at different loads (courtesy of Z.-P. Luo and
R. Schwaiger, KIT, Germany).

The normal load for the sliding experiments on each NMC was chosen after considering the penetration
depth as a function of the number of cycles for which the specimen is deformed, as shown in Figure 6-4.
For a comparative analysis of the deformation microstructures in both NMCs, the normal load was selected
in each case such that the penetration depth in both the systems is nearly the same. It is to be noted that
similar depths of penetration are achieved not only by appropriate selection of the normal load but also
the individual layer thickness and the hardness of both these NMCs as indicated in Table 6-1. The individual
layer thickness for both systems was chosen based on the miscibility of the components. At room
temperature, Au-Cu constitutes a chemically miscible system with the possibility of formation of ordered
phases AuCu, AuzCu, or AuCus. On the other hand, Cu-Cr forms an immiscible system without any chance
of formation of intermetallic phase based on the Cu-Cr phase diagram. Assuming complete miscibility of Au
and Cu, for the chosen layer thickness of Au, Cu and Cr the effective modulation period of Au-Cu is
comparable to that of Cu-Cr. While the thickness of Cu layers in both the NMCs is the same, the thickness of
Cr layers is half of that of Au layers and the resulting hardness of Cu-Cr NMC is twice that of Au-Cu NMC.
For the selected layer thickness and the hardness of the NMCs, it is seen from Figure 6-4 that at 10 mN load
for Cu-Au and 20 mN load for Cu-Cr the penetration depths are nearly the same for a large number of cycles
up to atleast 500. Similar penetration depths indicate that the depth of the subsurface region within which
the deformation is localized could be assumed to be similar and accordingly these normal loads were
selected for the present study. Li et al. had also used these NMCs previously with similar modulation ratios,
for their comparative analysis with respect to the microstructural length scales, interface structure,
strength, and plastic instability [227,228].

6.4 Microstructural and Texture Characteristics of Au-Cu NMC Thin Films

6.4.1 As-sputtered Au-Cu NMC

Figure 6-5 shows the bright-field (BF) and dark-field (DF) images obtained during the ACOM-STEM. The
BF-STEM image in Figure 6-5 (a) shows diffraction contrast as well as amplitude contrast sensitive to
atomic number and thickness of the specimen. However, unlike the STEM images acquired by HAADF, the
heavier element appears darker. The DF-STEM image, unlike the BF counterpart, shows contrast which is
sensitive to crystal orientations. The DF image shows a continuous columnar growth of grains with a fairly
defined width that extends over multiple layers and these columns are seen mostly in the upper half portion
of the NMC specimen. The measured average width of the columns is about 70 nm. Within each column,
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several closely spaced nano-scaled twin boundaries (TBs) are seen which are almost orthogonal to the
growth direction. Thus, each column consists of Au-Cu interface boundaries with a multitude of TBs, which
is further confirmed by ACOM-STEM as shown in Figure 6-6. Figure 6-6 shows the phase map and the IPF
maps from the upper 6 layers seen in Figure 6-5. Like the BF-STEM image, the phase map reveals the layers
corresponding to Cu and Au with defined interfaces. IPF maps show the crystal orientations of the columnar
grains along X, Y, and Z-axes. Each column typically exhibits a uniform orientation with twinned grains
embedded in it. Several twinned boundaries exhibited a stepped structure as indicated in the IPF map X.
IPF map along Y shows all the columnar grains with a uniform orientation indicating a preferential {111}
texture along the growth direction.
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Figure 6-5 Microstructure of as-sputtered Au-Cu NMC thin film: (a) Virtual bright-field, and (b) virtual dark-field STEM images obtained
by ACOM-STEM. Growth direction and a trace of the growth plane are shown in (b). Red markers indicate some of the twin boundaries.
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Figure 6-6 Microstructure of Au-Cu NMC in the as-sputtered state as investigated by ACOM-STEM and represented by virtual bright-field
STEM, phase map, and IPF maps along X, Y, and Z. Arrows in IPF map X indicate the stepped twin boundaries.

The {111} and {110} pole figures for Au and Cu shown in Figure 6-7 were obtained from the 6 layers (3
layers each of Au and Cu) seen in Figure 6-6. The pole figures show strong {111} density along the growth
direction which is almost parallel to the Y-direction. The densities of {111} and {110} for Au and Cu coincide
with each other. From the columnar growth (Figure 6-5) and an almost uniform {111} orientation seen in
the IPF map Y (Figure 6-6), it is concluded that both Au and Cu layers grow epitaxially in the NMC with the
interface orientation relationship as:

Au {111} // Cu {111}
Au<110> // Cu<110>
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The above relationship is in agreement with the results obtained by Li et al. using XRD for NMCs with
varying modulation periods and these confirmed that both Au and Cu exhibited strong (111) diffraction
peaks for the modulation period of 200 nm [227]. Further, the almost symmetric distribution of {111} poles
about the X-Z plane is in well agreement with the observation of nearly orthogonal nanoscale twins seen in
Figure 6-5 (b).
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Figure 6-7 Pole figures showing the density of {111} and {110} poles for Au and Cu in as-sputtered Au-Cu NMC. X-Y plane corresponds to
the plane of the specimen, where Y is almost parallel to the growth direction.

6.4.2 Deformation Microstructure after 50 Sliding Cycles

Figure 6-8 shows the deformation microstructure of the specimen subjected to 50 sliding cycles at 10
mN. Figure 6-8 (a) shows an overview of the cross-section of the sliding track highlighting the outer and
central regions. The sliding direction (SD) in this case is along Z-axis and X-axis is termed as the transverse
direction (TD). The film growth direction and the loading direction are almost parallel to Y-axis, which is
referred to as the normal direction (ND). Figure 6-8 (b) shows the deformed structure from the outer
region whereas Figure 6-8 (c) shows the deformed structure from the central region of the sliding track.
The deformation structure is represented here using the STEM image, phase map, and IPF maps. The BF-
STEM images in Figure 6-8 (b) and (c) show the deformed zone encompassed by the dotted polygon and
the amplitude contrast in these images allows to distinguish the different layers to a certain extent. Within
the deformation zone, the thickness of individual layers has changed and especially the upper layers are
thinner compared to their original (undeformed) state. The reduction in individual layer thickness is a clear
indication of plastic deformation in the deformed zone. The phase maps further confirm the plastic
deformation.
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Figure 6-8 (a) HAADF-STEM image showing an overview of the Au-Cu NMC deformed to 50 cycles, (b) and (c) show the outer and central
regions where the ACOM-STEM analysis was performed. The results of the ACOM-STEM analysis are illustrated using the virtual bright-
field STEM images, phase maps and IPF maps along X, Y, and Z. Dotted polygons in (b) and (c) show the deformed zone with arrows
showing the elongated grains. Coordinate axes X, Y, and Z denote the transverse, normal, and sliding directions.
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From the STEM images and phase maps, the upper Au and Cu layers are seen to develop a wavy structure
and turbulence which are very similar to that observed in the fluids. It is seen that the individual layers
accommodate the plastic deformation by co-deforming and organizing themselves to form vortex-like
structures leading to their mechanical intermixing as reported previously by Luo et al. [229]. The crystal
orientation maps show elongated grains and their shapes are highly anisotropic. The elongation of grains
is seen in different directions in Figure 6-8 (b) while the elongation is mostly perpendicular to the loading
direction in the central region in Figure 6-8 (c). For most grains, the elongated size (considering the long
axis) is greater than the initial average width of the columns. A few examples of such elongated grains have
been marked by arrows. Most of these elongated grains are quite thinner (considering short axis) with
respect to the initial layer thickness, as prominently seen in the upper portion of the deformed zone. In the
lower portion of the deformed zone, the elongated grains are still coarser and comparable to the initial
layer thickness. The TBs which were seen in the undeformed specimen in Figure 6-6, are not revealed
anymore within the elongated grains in the deformed zone. The absence of TBs indicates that during the
plastic deformation there was stress-induced de-twinning in the specimen.

The IPF maps along Y-axis represent the crystal orientation of grains both along the growth direction of
the film and the loading direction of the indenter. Thus, the IPF map Y of the undeformed specimen (Figure
6-6) serves as a reference in which the majority of the grains exhibit {111} orientation. At the bottom of
the IPF maps Y in the deformed specimens (Figure 6-8 (b)-(c)), where the specimen is mostly undeformed,
the TBs persist and the grains show {111} orientation. In the deformed zone, it is evident that during the
plastic deformation several grains have changed their orientation along the loading direction. Since the
section (lamella) of the undeformed specimen was lifted parallel to the plane of the section of the deformed
specimen, the IPF maps along the X and Z axes are also referred for comparison. Both these maps further
verify the rotation of grains along the sliding direction (Z) and the transverse direction (X). Thus, all the
IPF maps present explicit evidence of the rotation of grains during the plastic deformation induced by
sliding contact.

6.4.3 Deformation Microstructure after 100 Sliding Cycles

Figure 6-9 shows the microstructural evolution in a longitudinal section of the deformed specimen
subjected to 100 sliding cycles. The STEM image shows the wavy structure and turbulence which is seen
further enhanced in the deformed zone as compared to the specimen deformed after 50 cycles. The
deformed zone in the BF-STEM image does not show a sharp contrast between Au and Cu interfaces after
100 sliding cycles as it was visible in Figure 6-8 for the specimen after 50 cycles. After 100 cycles, the layers
have further deformed and reduced in their thickness and are mechanically intermixed. Since Au and Cu
are thermodynamically miscible, it is expected that both these components under severe deformation
undergo mechanical alloying with a possibility of formation of solid solution. The alloying aspects involved
during the deformation were not explored in the present study. The phase map was generated by using the
template banks for pure Au and Cu and provides only an approximation for the spatial distribution for the
components. It shows the traces of thin layers of the intermixed phases with reduced reliability at the
interfaces most probably because they are not compositionally sharp. However, at the locations where the
layers are still thicker, the phase mapping approximation can be considered to be reliable in the interior of
the layers, away from the interfaces. The IPF maps show elongated grains mostly perpendicular to the
loading direction (Y) and along the sliding direction (X). The TBs are absent in the deformed region. As
pointed in 6.4.2, the rotation of grains is also evident in this case. It is worth noting that the plastic
deformation leading to the grain growth is fairly confined within a well-defined depth since below this
depth the TBs are persisting. Furthermore, the deformed zone is highlighted for the region where most of
the grain morphologies have changed, mechanical intermixing and vortex formation is seen and the TBs
are mostly absent indicating that the plastic deformation is highly localized within this zone. However, the
influence of stress-field may be seen even in the region below the deformed zone as the grain orientations
in the IPF map Y are seen deviating from the ideal {111} orientation along the growth direction. This
observation suggests that there exists a deformation gradient from the top to the bottom of the NMC with
upper layers showing severe deformation.
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Figure 6-9 Microstructure of the deformed Au-Cu NMC specimen along the longitudinal section of the wear track after 100 sliding cycles
investigated by ACOM-STEM and illustrated using virtual BF-STEM, phase map, and IPF maps along X, Y, and Z. The dotted line
encompasses the deformed zone. Coordinate axes X, Y, and Z denote the sliding, normal and transverse directions.
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6.5 Deformation Mechanisms in Au-Cu NMC

6.5.1 Dislocation-driven Plasticity

The initial size of the columnar grains in individual layers in undeformed Au-Cu NMC is about 100 nm
and the average width of columns is about 70 nm. A fundamental observation confirming the plastic
deformation in Au-Cu NMC is thinning of individual layers in the deformation zone. A detailed investigation
of layer thinning in these Au-Cu NMCs was previously reported by Luo et al. [229]. It was shown that with
progressive sliding, the thickness of the upper layers decreased significantly and there was codeformation
between the layers. The thickness reduction was attributed to the motion of dislocations within the layers.
The generation and emission of dislocations and the evolution of dislocation cell structures in metallic
materials under sliding contact are well-known [230-232]. When applied to single-phase coarse-grained
metals, reciprocating sliding contact has been shown to emit dislocations several micrometers deep leading
to the formation of a plastic deformation zone [230,233]. The size of this zone extends deeper into the
material as the loading progresses further. In Au-Cu NMC, the dislocation motion occurs within the
individual layers leading to a reduction of the layer thickness. For an initial layer thickness of 100 nm, the
Hall-Petch model for semi-coherent interfaces reported by Misra et al. predicts the formation of dislocation
pile-up at the interfaces [163,234]. Based on this model, these mobile dislocations are expected to pile up
at the interfaces of Au and Cu, the boundaries of the columns, and the twin boundaries within grains. The
dislocation pile-up at interfaces is likely to occur considering the initial layer thickness of 100 nm and after
thinning up to at least a few tens of nanometers. Although the continuity of slip systems exists at the Au-Cu
interfaces, the dislocation pile-up occurs due to the presence of coherency stresses at the interfaces that
act as barriers to the transmission of dislocations across these interfaces.

Based on the proposition by Luo et al. [229], local dislocation pile-up at Au-Cu interfaces can lead to step
formation. A few steps of smaller height could be seen at the boundaries of the growth twins in the
undeformed specimen as well (marked in IPF-X in Figure 6-6). During the deformation, these steps grow
as the number of dislocations piling up at the interfaces increases. Beyond certain critical stresses, these
dislocations can overcome the coherency stresses and could even transmit Au-Cu interfaces leading to the
transfer of slip across these interfaces. The slip transmission across the majority of Au-Cu interfaces is
highly feasible as the slip planes and slip directions are parallel, as discussed in 6.4.1. The slip transmission
could further promote the growth of the steps at Au-Cu interfaces which is associated with the migration
of the interfaces. The plastic instability occurring during the slip transmission most likely causes the
development of the waviness of these interfaces. These steps act as some of the potential sites to initiate
the vortex formation as discussed later. Similar steps are shown in Figure 6-10 (a)-(b) for the deformed
specimen. Figure 6-10 (c) shows the correlation coefficient map showing contrast around the steps due to
dislocations. From the observed thinning of layers together with changes in the grain structure leading to
their elongation it is concluded that the deformation in Au-Cu NMC is dominated by dislocation-mediated
plasticity.

Figure 6-10 lllustration of the step formation denoted using the dotted segments in the transverse section of Au-Cu NMC after 50 sliding
cycles: (a) virtual bright-field STEM, (b) phase map, and (c) correlation coefficient map.
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6.5.2 Detwinning

Figure 6-11 (a)-(b) represents all the coherent twin boundaries (CTBs) of X3 type, with 60°/<111>
misorientation, in the undeformed and deformed specimens. It is noted that the £3 CTBs constitute a major
proportion of intra-layer boundaries in the undeformed specimen. The proportion of other types of
coincidence site lattice (CSL) boundaries is negligible and these are not highlighted. Most of the Au-Cu
interfaces in the undeformed specimen either exhibit low angle misorientation of less than 5° or these exist
as (111) twinned interfaces with high angle misorientation of 60° as shown in Figure 6-11 (c).

The 23 CTBs in the deformed zone of the specimen deformed after 50 cycles (Figure 6-11 (b)) are
relatively sparse confirming the detwinning process during the plastic deformation. The £3 CTBs are
expected to be strong barriers to the motion of dislocations and thus very high stresses are required for
the slip transmission. In general, the sliding contact is expected to induce large plastic strains and strain
gradients [235]. The high stress field introduced in the deformation zone can lead to the detwinning
observed therein. The detwinning of single-phase nanotwinned (NT) Cu-Al alloys in the deformation zone
under sliding contact was recently reported by Yan et al. [39]. Their investigations on Cu-Al alloys with
varying Al content (2 to 6 wt. %) showed the influence of SFE on the microstructural evolution under 5 mN
load after 50 sliding cycles. The detwinning was evidenced in all the alloys with varying SFE. SFE influences
the mobility of dislocations. In alloys with lower SFE, the mobility of dislocations is reduced as the cross-
slip processes become increasingly difficult. The observation of detwinning in alloys with high as well as
low SFE validates that the sliding contact generates the stress fields that are sufficient to drive the
dislocation activity leading to the detwinning.
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Figure 6-11 Analysis of the grain boundary characteristics in the undeformed Au-Cu NMC: (a) 23 GBs shown in blue, and (b) GB
misorientation shown according to the color code. Both the GB maps are overlaid on the respective phase maps.
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The dislocation-based processes can also explain the detwinning processes at the £3 CTBs. Figure 6-12
illustrates a possible mechanism for detwinning. To understand the detwinning, a region around the steps
shown in Figure 6-10 is considered. During the step formation, the Au-Cu interface migrates from its
original position towards TB1 located in Au (indicated by markers in Figure 6-12 (a)). The Au-Cu interface
develops a curvature, and the curved interface meets and crosses the TB1 in Au and generates a
discontinuity at the TB1. The segments of the TB1 can be seen exhibiting deviation from 60° misorientation
(Figure 6-12 (b)). The presence of the dislocations surrounding these specific steps is already indicated in
Figure 6-10 (c). Thus, the piling up of dislocations at the stepped Au-Cu interfaces and their interaction and
transmission through the interfaces when the shear stresses are sufficiently high leads to this detwinning.
Since the interaction of these dislocations with TBs is causing their detwinning, these are likely to be
Shockley partial dislocations that are operative at the Au-Cu interface. Thus, the interaction of partial
dislocations with the ¥3 CTBs at the migrating Au-Cu interfaces during the repetitive sliding contact is the
basis for this mechanism of detwinning. A similar process is expected for TB3 and TB4 for which a curved
Au-Cu interface completely de-twins a segment of the £3 CTBs in Cu and migrates into Cu.

— All other GBs 50 nm

Figure 6-12 lllustration of detwinning (a) map of 23 GBs, and (b) GB misorientation map represented according to the color code. Both
the GB maps are overlaid on the respective phase maps. The expected original position of an Au-Cu interface is shown by a black-dotted
line and the actual migrated interface is shown by red markers.

Detwinning can also be caused by the mobile dislocations within the layers. This is expected for the case
in which the 23 CTBs that are sufficiently away from the Au-Cu interfaces. The 23 CTBs in this case do not
interact with the slip processes at the Au-Cu interfaces and the detwinning occurs merely by the intralayer
dislocation activity. For the £3 CTBs far away from the Au-Cu interfaces, this would be expected during the
early stages of layer thinning, while the layers are still thicker. Wang et al. had explained the detwinning of
the £3 CTBs in NT Cu with columnar grains and a very high density of twins in the individual columns [236].
The model explains the detwinning mechanism for £3 CTBs both the ends of which are at the columnar
GBs, similar to most of the £3 CTBs in the present study. In accordance with this model, single or multiple
twinning dislocations (TDs) with Burgers vectors corresponding to Shockley partial dislocations can
continuously nucleate at the columnar GBs and glide away on the TB plane under the influence of shear
stresses.

6.5.3 Grain Growth and Refinement

The initial grain structure in the undeformed specimen showed columnar grains in each layer. These
grains mostly exhibited uniform orientation (within a column) across several layers of Au and Cu with some
twinned grains (regions with twinned orientation) in those (Figure 6-6). After deformation, the grain
structure in the deformed zone exhibited significant changes, as concerns their sizes and orientation
(Figure 6-8 (b) and (c)). The observed grain growth and refinement can be attributed to the layer thinning
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concurrent with the migration of Au-Cu interfaces, inter- and intralayer dislocation activity as well as the
grain rotation observed in the deformed zone. In the deformed zone, both thicker and thinner layers could
be seen at different locations, and coarser as well as finer grains are seen within these as indicated by the
arrows in the phase maps corresponding to the central and outer deformed regions (Figure 6-8 (b) and
(). The grain growth is expected to be highly intensive in the regions of the specimen that are under high
stress concentration and its gradient is largest [237], under the tip of the nanoindenter as in the present
case. Jin et al. provided the first direct evidence of the deformation-induced grain growth in UFG Al by in
situ TEM in which the grain sizes were equal to or smaller than the contact area of the indenter [238]. They
reported grain growth as a consequence of GB migration, grain rotation, and grain coalescence which could
also be supported by the modeling studies by Gutkin et al. [237]. In agreement with these reports, the
longitudinal (Figure 6-9) and transverse (Figure 6-8 (c)) sections of the central region directly underneath
the sliding indenter exhibit a significant proportion of coarse grains that are elongated normal to sliding
direction or the initial growth direction. Formation of such elongated grains in the central region together
with detwinning was also reported by Yan et al. in fully NT Cu alloys under similar loading conditions
involving the sliding contact [39]. The observation of elongated grains with associated detwinning in NT
Cu as well as Au-Cu NMC suggests that the activity of partial dislocations plays a critical role in driving the
grain growth during the early stages of deformation in single or two-phase systems. In both these cases, if
the Shockley partials are considered to glide across the columnar GBs into neighboring grains, the
dissociation of the GBs into new segments might occur. The formation of these mobile segments could
accelerate the GB mobility and promote the grain growth.

6.5.4 Vortex Formation and Mechanical Intermixing

Instabilities in shear flow at the interface between layers of two materials are observed in a variety of
phenomena in nature which cover a broad range of length scales. The typical examples include wind
blowing over water [239], development of turbulence within the ocean [240], atmospheric turbulent
billows visible in association with clouds [240,241], deforming rocks by developing kilometer-scale folds
during the mountain-building processes [242], etc. In the case of the hydrodynamics of inviscid and
incompressible fluids, the transition from calm to wavy interfaces in the presence of velocity gradients
leading to their turbulence and mixing is known as the Kelvin-Helmholtz (KH) instability
[229,239,243,244].

Mixing instabilities were reported in the case of metallic multilayers subjected to shear deformation by
Pouryazdan et al. [242]. Their observations on the vortices emerging from the shear instabilities extended
over length scales of several tens of micrometers, far greater than the grain sizes. In the present case, the
size of the vortices is within a few 100 nanometers that encompass only a few grains (typically 2 to 4)
(Figure 6-8 (c)). Thus, the size of the vortices is quite comparable to the grain sizes. Molecular dynamics
simulations by Kim et al. for a tribopair configuration under sliding have clearly shown the development of
wave-like instability at atomic scales and the intermixing of materials at the interface [235,245]. As the
sliding progressed, the development of vorticity at the nanoscale was reported leading to well-defined
eddies in the vicinity of the interfaces. The size of the vortices observed in their simulations was of the
order of a few atomic diameters based on which the development of nanocrystalline structure was
explained. The mixing of material was shown to be associated with the rotation of these eddies. Further,
the flow behavior of materials and the computed velocity profiles at the interfaces were found to be similar
to those in the case of the fluid flow. Based on the similarities of the flow patterns, the vorticity induced at
the interface of tribopair was compared with the KH instability.

In Au-Cu NMC, the elastic and plastic properties of the two components are different. The elastic shear
modulus (G) of Cu is greater than that of Au, whereas the Burgers vector (b) of Au is slightly higher than
that of Cu. The force (G.b), required for the gliding of dislocations as calculated by Pugh is higher for Cu
than Au [246]. Cu is plastically harder compared to Au thereby resulting in greater resistance to the plastic
deformation for Cu than Au. Under the influence of large strain, high strain rates, and strain rate gradients
induced underneath the sliding track, differences in the plastic flow rates are likely to be expected between
Cu and Au [229,235]. The differences in the plastic flow of Au and Cu lead to the generation of locally
inhomogeneous strain fields at their interfaces. These conditions might suffice to initiate the KH instability
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in Au-Cu NMC. This is shown schematically in Figure 6-13 for an interface between plastically soft and hard
metallic materials A and B under sliding contact. For simplicity, only unidirectional sliding is considered.
Initially, for N = 0, the interface is calm without any perturbations. For N = N4, during the early stages of
deformation, the interface develops a sinusoidal wave-like turbulence due to the slip processes across the
original undisturbed interface as discussed earlier. Since A is plastically soft, the plastic flow rate of A is
expected to be greater compared to B, which is seen from the relative lengths of the arrows. For N = Ny, the
perturbations are enhanced due to the plastic flow gradient at the interfaces leading to formation of
grooves. The grooves seen in the schematic are similar to those observed experimentally, as highlighted by
arrows in Figure 6-12. A rotational deformation occurs in the vicinity of the interface, thereby initiating the
mechanical intermixing of the materials. For N = N3, under KH shear instability, the turbulence and
mechanical intermixing of two miscible components (Au and Cu) in the present case, leads to the generation
of nanoscale vortices. In agreement with the simulations by Rigney and Karthikeyan, the size of these
vortices is comparable to the size of nanocrystals in the present study. The vorticity is also associated with
the rotation of crystallites. The observed texture change in the deformed zone thus involves the
contribution from dislocation slip processes, associated GB, and interface migration as well as the rotations
driven by the vorticity.

A
N,= 0 _

N,> N,

N,> N,

N;> N,

Figure 6-13 Schematic showing the development of plastic instability at the interface of plastically soft and hard metals A and B under
sliding contact. The initially undisturbed interface develops turbulence leading to a wavy structure which eventually generates vortices
with progressive sliding. The arrows indicate the expected plastic flow profile corresponding to A (red) and B (green) with their lengths
representing the relative magnitude of plastic flow rate. The lengths are only schematic and are not true to scale.
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6.6 Microstructural and Texture Characteristics of Cu-Cr NMC Thin Films

6.6.1 As-sputtered Cu-Cr NMC

Figure 6-14 (a) and (b) show the BF and DF-STEM images of the as-sputtered Cu-Cr NMC thin film. Both
the images show a weaker columnar grain growth in both Cu and Cr layers, as compared with Au-Cu NMCs.
It is seen that the grain sizes in Cr layers are relatively smaller than those in Cu layers (Figure 6-14 (c)). As
a result, continuous columns of well-defined width are not revealed through the Cu and Cr layers next to

each other, unlike those seen in the case of Au-Cu NMC film.

Growth direction

Growth plane

Figure 6-14 Microstructure of as-sputtered Cu-Cr NMC thin film: (a) Virtual bright-field, (b) virtual dark-field STEM images obtained by
ACOM-STEM on the same area, and (c) bright-field TEM image. The projections of growth direction and growth plane are shown in (b)

and (c). Cu-Cr interfaces are marked using dashed yellow lines.
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Figure 6-15 Microstructure of Cu-Cr NMC in the as-sputtered state as investigated by ACOM-STEM and represented by virtual bright-field
STEM, phase map, and IPF maps along X, Y, and Z. The white markers indicate the grain pairs exhibiting Kurdjmov-Sachs (KS) orientation

relationship.
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Figure 6-15 shows the phase map and IPF maps of the as-sputtered Cu-Cr NMC. It is seen that Cr layers
show finer grain sizes compared to Cu layers. The IPF maps further confirm that there is no continuous
columnar growth across the Cu-Cr layers and no preferential orientation along the growth direction is seen
in the IPF map Y for Cu and Cr layers. Figure 6-16 shows the {111} and {110} pole figures for Cu and Cr
from the specimen shown in Figure 6-15. It is seen that Cu shows a weak {110} texture whereas Cr shows
a weak {111} texture along the growth direction which is almost parallel to the Y-axis. The maximum
intensities of {111} and {110} poles of Cu do not coincide with the respective {111} and {110} poles of Cr
in the pole figures. Instead, it is seen that a few maximum intensities of {111} poles of Cu are coinciding
with the maximum intensities of {110} poles of Cr. Similarly, this correlation is also observed for the {110}
poles of Cu and {111} poles of Cr. This correlation of the intensities of {111} and {110} poles of Cu and Cr
is to some extent related to the existence of the Kurdjmov-Sachs (KS) orientation relationship. The
existence of the KS relationship at the Cu-Cr interfaces was confirmed based on the analysis of a few Cu-Cr
grains on the pole figures and these pairs are marked in Figure 6-15. However, not all the grain pairs were
found to exhibit this relationship. The KS relationship is well-known for Cu-Cr [247] including some other
FCC/BCC systems like Cu-Nb [153,248] and Ni-Cr [249] and is expressed as:

{111} FCC// {110} BCC

<110> FCC // <111> BCC

Cu: {111} Y Cr: {110} Y
g Max = 1.82

1.78

Figure 6-16 Pole figures showing the density of {111} and {110} poles for Cu and Cr in the as-sputtered Cu-Cr NMC. X-Y plane corresponds
to the plane of the specimen, where Y is almost parallel with the growth direction.
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6.6.2 Deformation Microstructure after 10 and 200 Sliding Cycles

Figure 6-17 shows the microstructural evolution in deformed Cu-Cr NMC after 10 and 200 sliding cycles
at 20 mN load with reference to the undeformed specimen (Figure 6-17 (a)) as illustrated in 6.6.1. Figure
6-17 (b) shows the microstructure of the deformed specimen lifted from the transverse section whereas
the microstructure in Figure 6-17 (c) corresponds to the longitudinal section of the wear track. The phase
maps show 5 layers each of Cu and Cr in the undeformed specimen which are still present in the specimen
deformed after 10 cycles. However, after 200 cycles, 5 layers of Cr and only 4 layers of Cu at the bottom of
the NMC are visible whereas the uppermost Cu layer is not seen. The uppermost Cu layer wears out and
shifts away from the central region of the deformation track as is illustrated in the next section. The phase
maps reveal no significant differences in the layer thickness in these specimens investigated in the central
region of the deformation track. The individual layers do not change their shapes and remain more or less
perpendicular to the normal direction, unlike the case of Au-Cu NMC which showed vortex formation
leading to the irregularly shaped layers. In addition, no mechanical intermixing of the layers is observed in
Cu-Cr NMC due to the immiscibility of the two components.

The IPF maps show orientations of the grains along the X, Y, and Z axes. The IPF maps after 10 cycles
show an elongation of grains in Cu layers perpendicular to the loading or the film growth direction.
Compared to the undeformed specimen, it is evident that the Cu layers exhibit grain growth after 10 loading
cycles during the sliding contact. Cr layers, on the other hand, show only slight elongation of the grains,
however, the grain growth is not as significant as in Cu layers. After 200 cycles, the grains in Cu layers are
seen further elongated and their sizes have increased, indicating grain growth with progressive cyclic
loading. The grains in the Cr layer still do not exhibit a noticeable change in their sizes. It is worth noting
that the cyclic sliding load is applied on the uppermost layer in each case, however, the impact of the stress
field is evident even at the bottom-most layer as seen from extensive grain growth in both cases. In terms
of the grain structure evolution in Cu-Cr NMC thin film, a clear distinction can be seen here with respect to
the deformed Au-Cu NMC thin films, in which the grain structure was mostly unaltered below the deformed
zone until 100 loading cycles. In the case of deformed Cu-Cr NMCs, the entire film cross-section is deformed
just after 10 loading cycles, although the selected load of 20 mN in Cu-Cr NMC yields a very similar
penetration depth as 10 mN in Au-Cu NMC.

To investigate any possible incorporation of elements from a layer into the GBs of its neighboring layer,
elemental mapping was performed on a deformed Cu-Cr NMC. Figure 6-18 shows the elemental maps
obtained from EFTEM-SI for the deformed Cu-Cr NMC after 200 sliding cycles. The maps were obtained for
the same specimen as shown in Figure 6-17 (c). Migration of Cu in the Cr layers can be seen at various
locations almost normal to the Cr-layers. Considering the columnar grain structure of Cr, it may be inferred
that the migration occurred along the GBs. As marked in Figure 6-18, the Cr layer is seen fragmented and
the two fragmented segments are slightly dislocated. The Cu layers, on the other hand, do not exhibit any
fragmentation through the layers with their concurrent grain growth during the deformation as seen in
Figure 6-17 (c). Thus, there is no trans-layer fragmentation or cracking across the Cu and Cr layers.
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Figure 6-17 Microstructural evolution in the deformed Cu-Cr NMC with reference to the undeformed NMC investigated by ACOM-STEM
and illustrated using the virtual brightfield STEM images, phase maps, and IPF maps along X, Y, and Z: (a) undeformed NMC, (b) transverse
section after 10 cycles with coordinate axes X, Y and Z indicating the transverse, normal and sliding directions, and (c) showing the
longitudinal section after 200 cycles with coordinate axes X, Y and Z indicating the sliding, normal and transverse directions.
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Figure 6-18 EFTEM-SI maps for Cu and Cr in the deformed Cu-Cr NMC after 200 sliding cycles.

6.6.3 Deformation Microstructure after 500 and 1000 Sliding Cycles

The initial microstructure of Cu-Cr NMC consisted of 5 layers each of Cu and Cr whereas the
microstructure of the NMC deformed up to 200 cycles showed 5 Cr layers and 4 Cu layers (Figure 6-17 (c)).
After 200 cycles, the Cr layers are mostly seen intact with intergranular cracking but without noticeable
separation of the cracked regions. Figure 6-19 (a) shows the microstructure of the deformed Cu-Cr NMC
after 500 sliding cycles with 3 Cr layers (layers 1 to 3) at the bottom which are more or less intact and are
seen broken apart with a separation of their fragments at a few locations. The upper 2 Cr layers (layers 4
and 5) have cracked extensively, and a fraction of their separated fragments can be seen in the upper part
as confirmed by the phase map in Figure 6-20 acquired from the specimen shown in Figure 6-19 (a). From
the fragmented Cr layers seen after 500 cycles, it is concluded that the cracking processes continue further
leading to the separation and fragmentation of the layers. A considerable fraction of the material appears
to have lost due to extensive wear in the central regions seen in Figure 6-19 (a)-(b). In Figure 6-19 (a), only
a single layer of Cu is seen preserved in the central region at the bottom with a fraction of the volume of Cu
on the top which is most likely contributed by the merging of the upper 3 Cu layers (layers 2, 3 and 4). The
Cu layer 2 has partly ‘squeezed out’ in the central region (Figure 6-19 (a)) and displaced away from the
center and the Cr layers 2 and 3 come in contact with each other during the deformation.
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Figure 6-19 HAADF-STEM images of the transverse section of the deformed Cu-Cr NMC after (a) 500 cycles and (b) 1000 cycles. The Cu
and Cr layers are numbered in green and pink. The central region is approximately marked for the portion of NMC where the overall
thickness is minimum. Red markers indicate the displacement and bending or folding of the Cr layers. The undeformed region is marked
using the yellow dotted box, the white dotted box marks the region where the material is piled up and the approximate folding path of
the Cr is marked by the black curved arrow in (b).

Figure 6-20 shows the results of the ACOM-STEM on the same Cu-Cr NMC specimen as shown in Figure
6-19 (a). The STEM image in Figure 6-20 does not show any noticeable mechanical intermixing as it was
seen in the case of Au-Cu NMC. Cu layers can be seen penetrating through the space between the Cr
fragments in the phase map. Cr layers, like the previous deformed specimens (10 and 200 cycles) do not
show any significant change in the layer thickness as well as no grain growth is observed. Cu layers on the
other hand show extensive grain elongation. The longest grain observed within Cu layers in this specimen
is over 1.4 pum. In general, the longest grains are mostly observed in the Cu layer 1 (Figure 6-19 (a) and
Figure 6-20) at the bottom of the NMC where the Cr are layers are still more or less intact. This observation
leads to an inference that the confinement of Cu grains within two Cr layers is possibly driving this
extensive grain growth during which the initial columnar grains with a starting width of less than 100 nm
have elongated to sizes of more than 1000%. Such elongated grains in the Cu layers were revealed in the
longitudinal section (Figure A) of the specimen after 500 cycles as well. From the observation of these
elongated grains in the specimens from two perpendicular sections, it is concluded that Cu layers during
the sliding contact tend to exhibit extended 2D grain growth spanning several 100 nanometers with a
thickness of less than 100 nm. The GBs in Cu layers are mostly seen vertical which is likely to occur due to
their parallel migration with respect to the film normal during reciprocating loading. A few twin boundaries
(Figure 6-20) are seen in the upper Cu layers indicating stress-driven twinning as a mechanism during the
plastic deformation in Cu.

The thickness of the NMCs subjected to sliding contact is expected to be minimum at the center of the
wear track where the depth of penetration during the plastic deformation is greatest. This is seen in the
transverse section after 500 cycles in Figure 6-19 (a). The plastic deformation due to the normal load
applied via indenter together with the wear during its sliding leads to the displacement of material away
from the central region of the wear track. After extreme deformation up to 1000 cycles, this central portion
barely consists of any material, except for a fraction of the bottom-most Cr layer as seen in Figure 6-19 (b)
and almost the entire volume of material is displaced away from the center. In the region far away from the
central region seen in Figure 6-19 (b), the displaced material gets deposited or piled up on top of the
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unaffected or undeformed region at the boundary of the wear track. It is noted that within this piled-up
material, the individual layers have folded and turned upside down. The Cu and Cr layers (layer 5 of Cuand
Crin Figure 6-19 (b)) which are at the upper-most part of the NMC in the undeformed portion get deposited
such that they are the bottom-most in the piled-up material.
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Figure 6-20 Microstructural evolution in the transverse section of the deformed Cu-Cr NMC after 500 cycles investigated by ACOM-STEM
and illustrated using a montage of virtual bright-field STEM images, phase maps, and IPF maps along X, Y, and Z obtained from the central
region (right) and a part of the region encompassing the displaced material (left). Coordinate axes X, Y, and Z indicate the transverse,
normal, and sliding directions. White markers in the IPF map X denote the twin boundaries.

Within the volume of the displaced material away from the central region, bending or folding of the Cr
layers occurs as highlighted by markers shown in Figure 6-19 (a). The bending of Cr layers is also confirmed
in the phase map of the same specimen deformed after 500 sliding cycles (Figure 6-20). The grain structure
of Cu within the displaced material far away from the central region is illustrated in Figure 6-21. It is
interesting to observe the accommodation of Cu within the bent Cr layers or fragments. During this
accommodation, the layers remain adhered to each other and no separation of Cu and Cr layers is visible,
in contrast to the observation at the central region (Figure 6-19 (a)) where Cu layer 2 completely separates
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itself from Cr layers 2 and 3. This indicates that all the layers mutually accommodate the plastic
deformation while they are displaced away from the center of the wear track and subsequently develop the
curvature or bending within the NMC.

IPF map X
IPFmapY

Figure 6-21 Microstructural evolution in the transverse section of the displaced region in the deformed Cu-Cr NMC after 500 cycles
investigated by ACOM-STEM and illustrated using the virtual bright-field STEM image, phase map, and IPF maps along X, Y, and Z.
Coordinate axes X, Y, and Z indicate the transverse, normal and sliding directions.

6.7 Deformation Mechanisms in Cu-Cr NMC

6.7.1 Grain Growth: Copper versus Chromium

Significant plastic deformation can be seen preferentially for all 5 Cu layers through the deformation
sequences in Cu-Cr NMC. The principal evidence for this plastic deformation is extensive grain growth
which is seen for all the Cu layers from the early stages of deformation after 10 sliding cycles. The thickness
of the individual layers does not change significantly at least until 200 cycles and no codeformation or
waviness of the interfaces is seen. These are some of the fundamental aspects that distinguish Cu-Cr NMC
from Au-Cu NMC which showed a well-defined deformation zone exhibiting changes in thickness as well as
grain structure and below that zone the grain structure was almost unaltered. Further, the depth of the
deformation zone gradually increased for Au-Cu NMC as the deformation progressed. On the other hand,
with a similar estimated depth of penetration for the selected load and thickness of individual layers, Cu-
Cr NMC shows plasticity even at the bottom-most Cu layer. It is conceivable that the grain growth in 100
nm thick Cu layers is driven by dislocations. Strong evidence for the activity of dislocations is that the
longest grains seen at the bottom after extreme deformation have {110} orientation along the loading
direction as seen in the IPF map Y in Figure 6-20 and Figure A. This demonstrates that during loading, the
majority of grains tend to rotate to attain crystal orientation along the primary slip direction. The activity
of dislocations is also supported by the observation of some twins during deformation. The grain growth is
seen even in the bottom-most Cu layer. This indicates that the applied stress field during the sliding contact
in Cu-Cr NMC is sufficient to nucleate and propagate dislocations, transfer the slip across Cu-Cu GBs and
cause the migration of Cu-Cu GBs within all Cu layers.

The largest Cu grains in Cu-Cr NMC are seen in the specimen deformed up to 500 cycles at the bottom-
most Cu layer which is confined between 2 Cr layers that are still intact (Figure 6-20). It appears that the
Cu-Cr interfaces have a crucial role in promoting the preferential grain growth in Cu in Cu-Cr NMCs. The
Cu-Cr interfaces are opaque and offer strong resistance to slip transmission due to the discontinuity of slip
systems across the interfaces. As a result, the activity of dislocations is expected to be mainly confined
within each layer leading to confined layer slip (CLS). The CLS within Cu layers could promote extensive
grain growth. The dislocation activity is expected to be relatively lower in Cr layers as Cr is plastically
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harder than Cu. Furthermore, the migration of Cu along the cracks formed at the Cr-Cr GBs (Figure 6-18)
restricts the slip within Cr layers as well as the mobility of Cr-Cr GBs. As a result, Cr layers barely exhibit
grain growth. After extensive deformation, the fragments of cracked Cr layers separate and the neighboring
Cu layers merge through the gaps between these fragments. These fragments of Cr offer strong resistance
to the motion of Cu-Cu GBs. Thus, the grain growth in the upper Cu layers is limited compared to the lowest
one (seen in Figure 6-20). The lowest Cu layer is confined within Cr layers that are not fully fragmented
and does not face any resistance from the Cr fragments, unlike the upper ones thereby promoting the
migration of random GBs leading to preferential grain growth in Cu.

The thermodynamic driving force for grain growth in nc Cu is the reduction of interfacial energy at Cu-
Cu GBs, leading to the reduction in total energy of the system. The chemical miscibility of Cr in Cu is almost
negligible. As a result, the Cu layers are not expected to be alloyed with Cr solute atoms. This is well
supported by the EFTEM-SI results (Figure 6-18), which do not show the presence of Cr at GBs within the
Cu layers. Under these conditions, the nanoscale Cu-Cu GBs are expected to be ‘pure’ and no solute atoms
(Cr) are expected at the GBs. The absence of any solute impurities at the GBs implies the absence of
elements that might potentially stabilize the GBs by reducing their free energy and thus their mobility
[250,251]. The influence of purity of GBs could be understood from the limited grain growth in the case of
Au-Cu NMC considering the miscibility of Au and Cu. Au and Cu constitute a chemically miscible system,
with a greater tendency of the solute atoms at GBs to introduce the solute-drag effects that affect the
kinetics by inhibiting the grain growth. Following the thermodynamic approach in the case of nc Cu at
cryogenic temperatures, Li formulated that increasing the purity at the GBs eases the removal of
dislocations due to a reduction in the required external shear stresses [252]. Further, considering a simple
case of tilt boundary, Li proposed that due to the removal of dislocations from GBs, the angle of misfit at GB
reduces leading to the stress-driven motion of GB. Another possibility could be the disintegration of the
GBs by emission of dislocations. As a result, the grain coarsening may proceed in a way that the smaller
grains are replaced by the growing grains that are more favorably oriented with respect to the applied
stress field [238].

The thermodynamic considerations also explain the limited grain coarsening in Au-Cu NMC as
compared with Cu-Cr NMC. Au-Cu NMC consisted of epitaxially grown twin boundaries through the
thickness that are expected to be energetically quite stable as opposed to random grain boundaries in the
case of Cu-Cr NMC. The mobility of 3 CTBs is far lesser compared to the random GBs and these boundaries
are well-known for stabilizing the nc metals. As a result, the stress-driven detwinning, interface migration,
and grain growth mostly remain confined within a well-defined zone where the stress field is extremely
high. The role of CTBs in stabilizing and inhibiting extensive grain growth across the multilayered structure
could be emphasized from the behavior of single-phase NT metals. The microstructures obtained by Yan et
al. in alloyed NT Cu under tribological loading show similar grain morphologies in the deformed zone [39].
The grains in their case tend to show lateral growth and the long axis of these grains is comparable to the
width of individual columns. The detwinning and grain growth in their case are also confined to a defined
zone marking a clear separation between the original microstructure and the deformed region.

6.7.2 Fragmentation Cr Layers and Separation of Cu and Cr Layers

The fragmentation processes were seen only in the Cr layers and no trans-layer cracking processes
across Cu-Cr NMCs were evidenced. Macroscopically, this shows that under the sliding contact, the Cu-Cr
composite system does not exhibit brittle behavior. This is also supported by the extensive plasticity shown
by the Cu layers and accommodation of Cu within Cr fragments. The thickness of the Cr layers is about 50
nm and the grain sizes in those are much finer. Further, due to very high hardness of Cr, the plastic
deformation due to the gliding of dislocations is limited. Strong evidence for very limited dislocation-based
plasticity in Cr is that the sizes of the Cr grains remain almost unaltered even after extreme deformation up
to 1000 cycles. Secondly, due to the high hardness of Cr and the discontinuity of slip systems across the Cu-
Cr interfaces, the stresses required for transmission of dislocations from Cu in Cr are expected to be quite
high. This limits the activity of dislocations to the Cu layers leading to extensive grain growth in Cu as
discussed earlier.
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Similar Cu-Cr NMCs were probed by Li et al. by 3-point bending test with Cu layer thickness varying
between 25 to 250 nm and Cu/Cr ratio of 2:1 [228]. All the Cu-Cr NMCs in their case exhibited a
macroscopic brittle fracture with limited plastic deformation. The fracture initially occurred in the stiffer
Cr layers along the columnar GBs with localized necking in Cu which occurred between the cracks in the
Cr. This behavior was explained based on the weakly bonded columnar GBs in Cr. Thus, if the cohesive
strength of the Cr-Cr columnar GBs is weak, these GBs could act as potential sites of crack initiation. In the
present study, however, the stress field is complex due to the normal (compressive) load from the intender
as well as the shear loading due to the sliding of the indenter. Therefore, the limited gliding of dislocations
in Cr coupled with weaker Cr-Cr columnar GBs would lead to the fragmentation along GBs in Cr layers. On
the other hand, due to the compressive component of the applied stress-field and extensive dislocation-
driven plasticity in Cu layers, the fragmentation initiated in the Cr-Cr GBs is accommodated by Cu. As a
result, no macroscopic trans-layer cracking processes or brittle behavior is seen in the Cu-Cr NMCs.

As stated earlier, Cu-Cr interfaces are incoherent and thus the coherency stresses are negligible. In
general, these FCC/BCC incoherent interfaces are supposedly ‘weak interfaces’ owing to their low shear
strength. This shear strength corresponds to the critical stress at which the irreversible sliding of a crystal
initiates with respect to the other along the interface [151]. Atomistic modeling for Cu-Nb nanolayered
composite by Wang et al. has shown that the atomic structure, geometry, and energetics at the interfaces
with KS orientation relation leads to low interfacial shear strength [151,162]. These interfaces are thus
easily sheared under the influence of the stress field of the glide dislocations. This offers a potential
explanation for the separation of Cu from Cr layers directly underneath the sliding indenter.

The negligible plastic flow within Cr layers due to their high hardness and limited slip processes across
Cu-Cr interfaces do not lead to their co-deformation and instability at the interfaces that would result in
their waviness. The development of cracks along the GBs generates discontinuities within Cr layers. In
addition, under extreme deformation Cu and Cr separate from each other. All these conditions do not favor
the plastic flow instabilities that would lead to the generation of vortices similar to those observed in the
case of Au-Cu NMC.

6.8 Summary

In the present study, the microstructural evolution under cyclic tribological loading was investigated in
two NMC systems: Au-Cu and Cu-Cr. Based on the systematic analysis of the microstructural characteristics
in the deformed NMCs, varying deformation behaviors and mechanisms were analyzed in these two
systems. Au-Cu NMCs with initially an epitaxial and columnar growth of grains with several CTBs deformed
by layer thinning and co-deformation. The plastic deformation occurred within a zone with a well-defined
penetration depth. Significant detwinning was observed during the plastic deformation. Based on the CTBs
observed in the deformed region, two possible mechanisms were proposed to explain the detwinning.
According to mechanism 1, the detwinning occurs due to the migrating Au-Cu interface and the interaction
and transmission of the dislocations across the layers. Mechanism 2, on the other hand, is based on the
detwinning due to the nucleation and gliding of TDs from both the ends of the columnar GBs. Mechanism 2
is expected to be less dominant due to the possibility of annihilation of the partial dislocations as they
recombine or are absorbed during the sliding in opposite direction. The plastic deformation was further
confirmed by the observation of both grain growth and grain refinement in the deformed zone. These were
explained based on the migration of Au-Cu interfaces and inter and intralayer dislocation activity. Apart
from the changes in the grain structure, a prominent change in crystallographic texture was seen in the
deformed zone which confirmed the grain rotation as an operating deformation mechanism during the
sliding contact. The grain rotation may be a result of both the dislocation activity as well as the GB mediated
processes. Within the deformed region, mechanical intermixing of Au and Cu and vortex formation
analogous to the one resulting Kelvin-Helmholtz instability was evidenced. This vortex formation is also
expected to lead to the rotation of grains and thus the observed change in texture.

Cu-Cr NMCs with columnar grains in both Cu and Cr exhibited much different deformation behavior.
The plastic deformation was not confined within a specific zone, but it occurred across the entire thickness
of the NMC. This was confirmed by the extensive grain growth seen preferentially in all the Cu layers during
the early and later stages of deformation. No mechanical intermixing of the Cu and Cr layers was seen. The
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preferential grain growth in Cu is driven by the dislocation, migration of GBs, and grain coalescence. This
was further explained based on the absence of solute impurities (Cr) at the Cu-Cu GBs which would prevent
the stabilization of GBs and promote their mobility. Cr layers, on the other hand, did not show any
noticeable change in the grain sizes, indicating very limited dislocation plasticity and GB migration leading
to grain growth. Preferential cracking of the Cr layers was seen along their GBs which was attributed to the
weak bonding at the columnar Cr-Cr GBs. Cu was seen to penetrate within the cracks of the Cr-Cr GBs which
further inhibits the mobility of Cr-Cr GBs and thus, even after extreme stages of deformation, the grain
growth in Cr is inhibited. The cracks in Cr layers were not seen to propagate across the Cu-Cr interfaces,
which confirmed that Cu-Cr NMCs do not exhibit trans-layer or brittle fracture. The disengagement of Cu
and Cr layers was observed which was explained based on the weak shear strength of Cu-Cr interfaces.
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7 Conclusions and Outlook

The presented thesis work was focused on in-depth microstructural investigations in nc metallic
materials with the aid of in situ and ex situ TEM techniques and has offered several insights into the
deformation mechanisms in these materials. The thesis initially focused on exploring the mechanisms
behind the plastic recovery in nc metal thin films and demonstrated the BE using state-of-the-art in situ
nanomechanical testing. An nc Pd thin film showed a characteristic deviation from the elastic response as
it was unloaded during in situ cyclic loading and unloading experiments inside TEM. This was evidence of
plastic recovery and the BE in the film which progressively became more pronounced as the maximum
applied strain in the film was increased. The BE in the film occurred as a result of the stress build-up due
to the piling up of dislocations at GBs and film-substrate interface. The thesis unraveled the complex
dynamics of the dislocation-based processes that lead to the plastic recovery and the BE and the local grain
interactions in the nc metallic materials.

The BE in the film was associated with reversible changes in the microstructural characteristics which
were observed with BFTEM imaging. The reversible contrast changes in the TEM images showed an
indication of rotation of grains. The contrast changes were seen in the film even after complete relaxation
which indicated a time-dependent behavior of the deformation processes in the film. For a quantitative
understanding of the mechanisms underlying these microstructural changes, a unique combination of in
situ cyclic loading-unloading with precession-based 4D STEM to perform crystal orientation mapping
inside TEM was implemented. A systematic data processing routine based on the MTEX program was
adopted that enabled a reliable quantitative analysis and interpretation of the global and local deformation
microstructures in real-time. Analysis of the global deformation structure during loading and unloading
revealed the characteristics of rotational deformation of a large number of grains representative of the
specimen. The grain rotation maps were initially used to track and exclude the systematic bending/tilting
effects in the specimen thereby exposing the true deformation response of the material. The global average
rotation of grains in the film increased on loading and reduced on unloading. This showed that the BE in nc
Pd thin films is associated with rotational deformation of the grains. From the analysis based on intragrain
rotation maps, the majority of grains exhibited a significant rearrangement of the sub-grain boundaries
occurring due to dislocation-based processes. These maps thus proved to be critical for tracing the
dislocation activity simultaneously in a multitude of grains irrespective of their orientations. This served
as an effective approach for understanding the role of dislocation or GB-mediated processes on a
statistically significant basis compared to classical BF/DFTEM, nanobeam electron diffraction, or HRTEM-
based investigations as reported in the past. The partially reversible arrangement of the sub-grain
boundary structure during loading and unloading is in agreement with the observed BE in the nc thin film.

Furthermore, the global analysis of grain rotations during loading and unloading showed a distinct
texture evolution unlike the textures observed in cg metals as predicted by Taylor, Sachs, or other classical
models. Tensile axes of the majority of the grains showed a directionally reversible response fitting to the
BE. The distinct rotation of grains in terms of magnitude and direction showed the generation of locally
heterogeneous stress fields. The reversible rotation of grains presented evidence of the localized plastic
recovery leading to the BE. Overall, an orientation independent and random texture evolution was
evidenced in the nc thin film. The random texture in the present study was attributed to the grain rotation
driven by dislocation-based processes in the presence of stress build-up at GBs as well as strong
interactions between grains. The present study has raised an alternative possibility to the GB-mediated
processes that are commonly known to result in a random texture. Further dedicated in situ experiments
and analysis might aid in a better understanding of the texture characteristics which is expected to refine
the current plasticity models for predicting textures in nc metals.

In the quest of understanding the observed texture behavior, the thesis investigated the grain
interactions and the influence of rotation of grain on its neighboring grains. Direct evidence of a unique
mechanism involving grain interactions that result in a cooperative rotation of grains in nc thin metal film
was presented. From the in situ observations using ADF-STEM imaging inside TEM, sets of neighboring
grains were shown to rotate cooperatively one after another and these rotations were reversible as the
specimen was loaded and unloaded. These rotations were markedly different from the collective or
simultaneous rotations occurring due to the GB-mediated processes reported in the past. The grains
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rotated with a strong out-of-plane component due to the presence of free surfaces and preferential
activation of the out-of-plane slip systems. The evolution of GND density for the grains in the direct
neighborhood was significantly different due to the deformation heterogeneity. The GND analysis
confirmed the formation of dislocation pile-ups at GBs as a result of the generation of back-stresses on the
unloading of the specimen. The formation of dislocation pile-up at specific GBs was found to be closely
linked with the geometric arrangement of slip systems and the GBs. The geometric incompatibility of slip
systems at the GBs was shown to be the basis for the pile-up formation. The dislocation pile-up at GBs
significantly influenced the GND density in the neighboring grains. With the progressive deformation, by
increasing or decreasing the strain, the transmission of dislocations was evidenced from grain to its next
neighboring grain. This process was shown to occur over multiple grains leading to cooperative grain
rotations associated with the BE. Based on these results, direct experimental evidence of dislocation-based
grain interactions was presented in nc metals. From these interactions, it is concluded that the rotational
deformation and texture in nc metals are complex processes that depend on stress build-up or relaxation,
geometric arrangement and character of GBs, and compatibility of the slip systems across GBs. The complex
dislocation-dominated grain interactions also rationalize the orientation independent rotation of
nanosized grains and the random texture evolution even if the GB-mediated processes do not dominate the
global deformation characteristics.

The intragrain orientation spread and grain interactions in bulk nc metals are barely reported or
understood. A principal reason for this is the limitations of the experimental methods and a general
agreement or assumption that the deformation in nc metals is likely to be dominated by GB-mediated
processes. The presented study on the grain interactions in thin nc metal films lays a foundation for
extending these investigations in 3D or bulk nc metals. Due to the increased number of neighbors, the
interactions in the bulk materials will be far more complex compared to the 2D thin films which have the
neighbors confined within the film plane. A detailed investigation of these interactions could be achieved
by advanced studies on texture by experiments and simulations. The key factors that might aid to the
development of advanced models include the geometric compatibility between the slip systems, its
variation across the neighbors, mean free path of mobile dislocations, and GB characteristics.

Besides understanding the grain interactions in pure nc Pd, the thesis investigated the role of grain
structure and heterointerfaces to understand the interaction of two phases in NMCs subjected to
tribological loading. Au-Cu NMCs with semi-coherent interfaces were initially deformed by thinning of Au
and Cu layers. The thinning of layers was observed within a well-defined zone confirming the plastic
deformation in both layers. With an initially high density of CTBs in the undeformed Au-Cu NMC, extensive
detwinning was evident in the deformed zone. The detwinning occurred as a result of the activity of partial
dislocations within the individual layers as well as at the migrating interfaces. Codeformation of layers with
a concurrent grain growth as well as grain refinement presented evidence of migration of GBs and Au-Cu
interfaces. The Au-Cu interfaces developed waviness and with subsequent deformation, a vortex structure
was formed resulting in the mechanical intermixing of Au and Cu. The formation of the vortex structure
was attributed to the instabilities in the plastic flow between Au and Cu. The plastic flow instabilities arise
primarily due to the differential resistance to the dislocation-based slip processes in Au and Cu due to the
differences in their shear modulus and Burgers vectors. The grain rotations and the texture evolution in
the deformed zone occurred due to the complex contributions from the dislocation slip, GB-mediated
processes as well as due to the rotational deformation induced by vorticity. The fundamental
understanding of the deformation characteristics in Au-Cu NMC has opened several avenues for
prospective research. A detailed mechanistic understanding of the interface instability and generation of
vorticity can be achieved by simulation studies. Simulations might further aid to explain the activity of
dislocations at the interfaces and their interactions with CTBs leading to detwinning and grain structure
evolution. A closer investigation of the chemical interaction at the interface of the miscible phases may be
achieved by analytical electron microscopy. Exploring these interactions might aid in the understanding of
the incorporation of solutes, their possible alloying effects, and their impact on the mobility of GBs and
interfaces.

In the end, the thesis explored the microstructural evolution and deformation mechanisms in Cu-Cr
NMCs with incoherent interfaces. Cu-Cr NMCs showed a clear disparity in the deformation behavior
compared to Au-Cu NMC. Cu-Cr NMCs did not exhibit any major change in the layer thickness and no
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codeformation and mechanical intermixing were evident. However, widespread stress-driven planar grain
growth was preferentially seen in all Cu layers from the early deformation stages. This confirmed the plastic
deformation in Cu layers that was mainly attributed to the preferential dislocation activity in Cu due to
confined layer slip. After large deformation, Cu-Cu GBs were seen to exist without the incorporation of Cr
due to the chemical immiscibility which promoted the migration of random GBs based on the
thermodynamic considerations. Cr did not show any noticeable grain growth. One of the reasons for that is
its high hardness that led to a large resistance in the dislocation-slip processes. Secondly, intergranular
cracking at Cr-Cr GBs was shown and the cracks were accommodated due to migration of Cu. The migrated
Cu offered resistance to the motion of Cr-Cr GBs thereby inhibiting the grain growth in all Cr layers. The
cracks at Cr-Cr GBs led to a discontinuity in Cr layers and at extreme deformation resulted in the
fragmentation of these layers. The restricted slip processes across the opaque Cu-Cr interfaces, limited
plastic flow in Cr, and discontinuity in Cr layers due to cracking were proposed as the principal reasons
behind the absence of plastic instability at Cu-Cr interfaces and no manifestation of vortex structures. In
terms of prospective research, investigation of the grain structure in Cr at atomic scales might aid in a
greater understanding of the deformation mechanisms in Cr layers including the cracking processes at Cr-
Cr GBs. Detailed global texture analysis on a larger sampling size might be helpful to explain the rotational
behavior of Cr grains. For Cu layers, it might be interesting to study the grain structure evolution in greater
depth to understand the competition between grain growth and refinement and confirm the existence of
an equilibrium grain size. Atomistic simulations might explain the interaction of Cu and Cr at interfaces and
the migration of Cu within the cracks at Cr-Cr GBs. In addition, the separation process of Cu from Cr at
extreme deformation needs greater investigation.

With these concluding remarks and outlook, the thesis has attempted to add some novel insights into
the nanomechanics of nc metals and multilayered composites. These outcomes are expected to promote
the existing theories and models of plasticity aimed at developing nanostructured metallic materials with
superior mechanical characteristics.
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Appendix
Sli Sli
i . p P Schmid’s factor
Slip directions planes
Components

<uvw> {hki} 1 2 3 4 5 6 7 8 9 10
[0-11] (111) 0.097 0.057 0.05 0.11 0.09 0.15 0.07 0.04 0.006 0.007

[

c

K

Qo

& [10-1] (111) 0.13 0.113 0.08 0.02 0.02 0.29 0.013 0.014 0.05 0.056
[-110] (111) 0.04 0.055 0.03 0.09 0.07 0.14 0.09 0.059 0.05 0.05
[-110] (11-1) 0.27 0.417 0.33 0.48 0.49 0.4 0.35 0.28 0.34 0.46
[(10-1] (11-1) | 0.005 0.07 0.01 029 | 032 | 021 0.18 0.15 0.1 0.16
[0-1-1] (11-1) 0.28 0.34 0.34 0.18 0.16 0.19 0.17 0.13 0.23 0.3
[0-11] (-111) 0.42 0.38 0.43 0.34 0.28 0.32 0.48 0.48 0.08 0.1

g

©

-

o

3 [-10-1] (-111) 0.003 0.06 0.009 0.17 0.14 0.16 0.29 0.33 0.26 0.26

3
[-1-10] (-111) 0.42 0.45 0.43 0.17 0.14 0.48 0.18 0.14 0.18 0.36
[10-1] (1-11) 0.14 0.02 0.1 0.14 0.2 0.07 0.12 0.19 0.42 0.36
[-1-10] (1-11) 0.1 0.01 0.06 0.4 0.42 0.05 0.26 0.19 0.09 0.15
[0-1-1] (1-11) 0.04 0.011 0.04 0.26 0.21 0.016 0.39 0.39 0.32 0.21

Table A-1 Schmid factor for in-plane and out-of-plane slip components for grains 1 to 10 as marked in Figure 5-1.
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Mean orientation in Euler angles (°) during loading
Grain Initial (€ = 3.6%) Final (e = 4.8%) Angle of
ID rotation
Phil Phi Phi2 Phil Phi Phi2
1 346.81 | 135.26 | 230.85 | 346.82 | 135.11 | 230.81 0.2°
2 28.49 | 46.86 | 4593 | 28.81 | 46.96 45.69 0.3°
3 343.10 | 132.83 | 231.68 | 342.83 | 132.38 | 231.56 0.5°
4 12498 | 50.94 52.00 | 124.94 | 51.05 52.18 0.2°
5 131.36 | 50.05 48.22 | 131.76 | 49.07 48.29 1.1°
7 110.64 | 44.27 47.92 | 110.85 | 44.34 47.83 0.2°
8 106.29 | 47.18 47.05 | 106.24 | 47.29 46.95 0.2°
9 59.83 | 49.24 | 54.30 | 59.93 | 49.39 53.90 0.4°
10 307.85 | 132.46 | 226.37 | 307.18 | 132.31 | 226.11 0.6°

Table A-2 Crystal orientation data before and after deformation and the corresponding angles of the rotation of individual grains.

Grain Misorientation axis-angle pairs

pairs Initial (i) (€ =3.6 %) Final (f) (€= 4.8 %)
ID Axis Angle Axis (f) < (i) Angle
1-2 [-3 7 11] (i) 20.1° [-3711] (f) 21.9° [-13 7 11] (i) 19.9°
2-3 [-7 4 12] (i) 15.4° [-7 4 12] (f) £0.2° [-7 4 12] (i) 14.8°
34 [-8 510] (i) 31.1° [-8 510] (f) £0.8° [-8 5 10] (i) 30.9°
3-5 [-9 7 12] (i) 26.4° [-97 11] (f) 23°[-9 7 12] (i) 25.6°
4-5 [-11012] (i) 5° [-159] (f) £10.8° [-1 10 12] (i) 5.6°
5-6 [-379](i) 50° [(368](f) £1.1°[-379] (i) 50.6°
4-6 [-2 4 5] (i) 45.1° [-2 4 5] (f) 20.2° [-2 4 5] (i) 45.1°
6-8 [-103](i) 30.8° [(103](f) £0.3°[-1 03] (i) 30.7°
5-7 [-5 11 12] (i) 21.7° [-11511] (f) £2.9° [-5 11 12] (i) 21.7°
9-10 [-11 11 12] (i) 58.6° [-12 11 12] (f) 20.2° [-11 11 12] (i) 59°
7-9 [-11 11 12] (i) 46.9° [-10 10 11] (f) 20.3° [-11 11 12] (i) 47.2°

Table A-3 Misorientation axis and angle of the selected pair of grains before and after deformation. The angles between the
misorientation axes in the final (f) state are shown relative to the initial (i) state.

Components Pre edge 1 Pre edge 2 Post edge Slit width Exposure time
(ev) (ev) (ev) (ev) (s)
Cu 861 906 953 40 40
Cr 520 550 585 30 30

Table A-4 Filter energy selected for the pre- and post-edges of Cu and Cr and the corresponding slit width and exposure time.

NMC model system Au-Cu Cu-Cr
Component Au Cu Cu Cr
Lattice constant (A) 4.078 3.615 3.615 2.884
TEM voltage (kV) 200 200 200 200
Maximum angle (°) 3 3 3 3
Excitation error 0.6 0.5 0.5-1 0.5-1
Step count 50-60 50-60 50 50
Templates count 1326-1891 1326-1891 1326 1326

Table A-5 Summary of parameters used for generating the template banks for Au, Cu, and Cr in the NMC systems.
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NMC model system Au-Cu Cu-Cr

Softening loops 2 1
Spot enhance loops 1 3
Spot detection radius 5 5
Noise threshold 10 10

Gamma correction 0.5 0.5

Maximum working radius 115 115
Camera length (cm) 8 8

Table A-6 Summary of parameters used for indexing the block files by template matching.

IPFmapY IPFmapX Phase map STEM

IPF map Z

100 101

Figure A-1 Microstructural evolution in the longitudinal section of the deformed Cu-Cr NMC after 500 cycles investigated by ACOM-STEM
and illustrated using virtual bright-field STEM images, phase maps, and IPF maps along X, Y, and Z. Coordinate axes X, Y, and Z indicate
the transverse, normal and sliding directions.
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