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A B S T R A C T   

IN718 is the most common Ni-based superalloy for manufacturing aircraft engine parts via thermo-mechanical 
treatments. The evolution of nanoscale strengthening phases is well researched, enabling optimization of 
strength, fatigue, and creep properties. Recently, IN718 has shown great viability for laser powder bed fusion 
(LPBF) additive manufacturing of aerospace parts. However, the detailed microstructure-property relationships 
during thermal profiles typical to LPBF are not yet well understood. Previous works reported interdendritic 
precipitation of Laves phase. These detrimental particles can be dissolved by heat treatments, however, the 
detailed nanoscale phase evolution remains unknown. Using atom probe microscopy, we report on the detailed 
morphological and chemical evolution of phases in IN718 after LPBF with chessboard versus meander scanning 
strategies, and direct ageing versus homogenization and ageing treatments. Due to differences in scanning vector 
length, up to 3.6 times larger dendritic structures, double volume fractions of Laves particles, and Al clusters are 
found in the chessboard strategy. Coarser matrix grains and a higher dislocation density are detected in the 
meander strategy. The precise chemical composition and morphology evolution of the matrix, Laves, MC, γ′, and 
γ′ ′ phases are obtained and correlated to hardness. Retained Laves phase after direct ageing causes precipitation 
of 4% volume fraction of γ′ ′, with additional coarsened precipitates formed along dislocations. Direct ageing 
leads to an increase in hardness corresponding to roughly 190 HV. Due to Laves phase dissolution, a volume 
fraction of 16% of compositionally stable, larger γ′ ′ precipitates is found after homogenization and ageing, also 
causing partial matrix recrystallization.   

1. Introduction 

The aerospace industry has been leading the development of laser 
powder bed fusion (LPBF) components using materials with well- 
established supply chains [1–3]. IN718, as the most used Ni-based su-
peralloy, has great potential, and its viability for additively manufac-
tured (AM) parts has been widely demonstrated [3–6]. However, in 
order to satisfy stringent requirements, significant efforts are still being 
placed on designing processing parameters and heat treatments to 
obtain the best combination of high-temperature mechanical properties 
such as yield strength, fatigue, and creep [7–11]. 

In LPBF, successive layers of powder are melted by a high energy 
laser beam. The complex phenomena involved in the solidification, 
remelting, and reheating of previously deposited layers impact the 

morphology and chemistry of all phases [12,13]. The formation of 
dendrites in LPBF occurs due to thermal gradients during 
non-equilibrium solidification. The constitutional undercooling at the 
solid-liquid interface is governed by the thermal gradient (G) and the 
velocity (V) of the solidification interface. High G and low V produces 
dendritic structures [14,15]. For IN718, low solubility elements such as 
Nb, Mo, Ti, and C, tend to segregate at the interdendritic regions causing 
the formation of MC carbides and topologically closed packed (TCP) 
phases such as the Laves phase (Ni,Cr,Fe)2(Nb,Mo,Ti) [16]. The latter is 
brittle and detrimental to mechanical properties with its shape, size, and 
volume fraction determined by the detailed processing parameters [17]. 
Higher cooling rates from melting lead to smaller dendrite arm spacings, 
and consequently reduced potential for formation of the Laves phase 
[18]. Variations of laser scanning strategy during LPBF have been 
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proposed to optimize the microstructures and properties of builds, 
where islands and meander patterns are commonly used [19,20]. Ro-
tations of 67◦ or 90◦ between layers are generally implemented during 
LPBF, with the latter causing more pronounced epitaxial grain growth 
along the build direction (BD) [21]. Parameters such as build orienta-
tion, laser power, layer thickness, hatch spacing, and scanning speed 
also affect the microstructure and properties [22–25]. 

The microstructures of LPBF IN718 parts differ considerably from its 
conventionally manufactured counterparts [26]. Residual stresses from 
rapid solidification and thermal cycling lead to a high density of dislo-
cations [27]. In addition to the aforementioned Laves phase and MC 
carbides, other phases might be formed such as the desirable, nanoscale 
precipitates γ′ and γ′ ′, δ phase and α-Cr phases [28,29]. Post-processing 
treatments such as homogenization, solution treatment, and ageing are 
applied in order to optimize the microstructure and properties. By 
varying temperature and time, Huang et al. [30] showed the effect of 
homogenization on the dissolution of the Laves phase, while Zhao et al. 
[31] investigated the effects of different solution temperatures on δ 
phase formation. Distinct combinations of these treatments, or the lack 
of thereof, will affect the solute contents of elements such as Nb and Ti in 
the matrix, consequently impacting the precipitation of the γ′ (Ni3(Al, 
Ti)) and γ′ ′ (Ni3(Nb)) strengthening precipitates during ageing [32,33]. 
Analyses of these precipitates following different ageing treatments have 
been reported recently [17,34–37]. These results are usually obtained by 
scanning and transmission electron microscopy (SEM/TEM), and 
small-angle X-ray scattering (SAXS), reporting on the size and volume 
fraction of γ′ and γ′ ′ precipitates. For γ′ ′, the main strengthening pre-
cipitate, sizes from 6 to 64 nm, and volume fractions from 1.7 up to 
16.9% have been reported [17,34,37]. This high degree of variability 
occurs due to chemical redistribution of alloying elements available for 
precipitation, depending on the detailed LPBF process and 
post-processing treatments. 

The investigation of the detailed evolution of phases is a field yet to 
be explored in depth in AM of IN718. This is due to small size of the 
phases and presence of low atomic number elements, representing 
limitations for techniques such as energy dispersive X-ray spectroscopy 
(EDS) in SEM or TEM [28,38,39]. Atom probe microscopy (APM) is the 
only technique able to overcome these issues by allowing precise 
quantification of elements due to its sub-nanometer resolution [40]. 
However, only a limited number of publications have used this tech-
nique in AM research on superalloys in general, and on IN718 in 
particular so far. A recent investigation by Mantri et al. [41] presented a 
detailed analysis of the effects of micro-segregation in the precipitation 
process in laser surface engineered IN718. Ramakrishna et al. [34] 
showed the composition of regions across Laves phase in PBF IN718, 
while Larson et al. [42] explored segregation of elements at grain 
boundaries. However, a detailed description of the chemical and 
morphological evolution of phases in IN718 during typical AM processes 
and post-printing heat treatments is currently unavailable. 

Such information is essential for property optimization of AM IN718, 
and as input data for CALPHAD and thermo-kinetic modelling. In this 
field, the precipitation kinetics in IN718 manufactured through 
directed-energy deposited and electron beam melting have been exam-
ined by Kumara et al. [43,44], while Zhang et al. [45] presented 
modelling results of volume fraction of precipitates during thermal 
exposure at 870 ◦C in IN625. These computer simulations aim to predict 
precipitation behavior and consequently the processing and heat treat-
ment parameters that will deliver superior properties. 

Thus, the aim of the current study is to reveal the microstructure 
evolution with particular focus on the chemistry and morphology of 
nanoscale phases during LPBF and post-printing heat treatments of 
IN718. To study the influence of the thermal history during printing, two 
different laser scanning strategies are considered, islands scanning 
which is similar to a chessboard pattern, and a bi-directional meander 
pattern. These strategies generate different remelting and cooling rates, 
and consequently varying fractions of the Laves phase. Selected samples 

are subjected to direct ageing (DA), and homogenization and ageing 
(HA). The microstructural evolution and geometrically necessary 
dislocation (GND) density are revealed via light optical microscopy 
(LOM), SEM and electron backscatter diffraction (EBSD), respectively. 
An atomic clustering analysis of the γ matrix in the as-built condition 
(AB) is achieved via APM. Detailed investigations of the mechanical 
properties of the same AB materials, such as tensile and fatigue prop-
erties, as well as porosity and fracture mechanisms are reported by some 
of the current authors in [46]. APM is further employed to provide new 
insights into the morphological and chemical composition evolution 
during heat treatments. APM results of Laves phase and MC carbides are 
also presented. Correlation of the micro- and nanostructure with me-
chanical properties is accomplished through hardness testing. The re-
sults have the potential to support current advances in thermo-kinetic 
modelling and property optimization during LPBF IN718. 

2. Materials and methods 

IN718 (52.36Ni–18.86Fe–21.19Cr–3.25 Nb–1.87Mo–1.21Ti–1.07Al 
–0.19 C, at%) gas atomized powder with particle size ranging from 15 to 
45 µm was supplied by Höganäs. A Concept Laser M2, operating at a 
laser power of 225 W, was used to fabricate 140 × 24 × 22 mm3 bars 
following chessboard and bidirectional meander laser scanning strate-
gies. As illustrated in Fig. 1a, the former (Chess-AB) consists of 5 × 5 
mm2 randomly scanned meander islands, rotated 90◦ between each 
other, with an island overlap of 0.0225 mm. The latter (Meander-AB, 
Fig. 1e), is a common strategy and has its two opposite scanning vectors 
represented by the black and white lines. For both strategies, a 90◦

rotation between each 30 µm thick layer was imposed. For the chess-
board strategy, the X and Y island shift between layers was 1 mm. 
Further parameters were hatch spacing of 60 µm and scanning speed of 
2000 mm/s. 

As delineated by the white box in Fig. 1a and Fig. 1e, microstructural 
analyses were carried out at half build height of the YZ face of the 
cuboidal blocks. Samples were cut, ground, and polished via standard 
metallography preparation methods [47]. For LOM, samples were 
etched with Kalling’s reagent and images were acquired with a Nikon 
Eclipse ME600 microscope. For backscatter electron (BSE) imaging, 
polished samples mounted in conductive resin with carbon filler were 
imaged in a SEM JEOL 7001 F with accelerating voltage of 20 kV. To 
determine volume fraction and morphology of Laves phase, for each 
solidification structure, a 54 µm2 area was analyzed on ImageJ after 
smoothing with convolution with a Gaussian function (σ = 1) and 
default thresholding of 1–2%. Images were then converted to binary and 
the area fraction of the Laves phase was determined with the Analyze 
Particles tool. The size of the dendritic arm spacing (λ) was measured 
through the line intercept method. 

An EDAX ‘Hikari Super’ system installed in a SEM JEOL 7001 F was 
used for EBSD, after further polishing samples for 24 h in a VibroMet 2 
vibratory polisher on a suspension of MasterMet colloidal silica. EBSD 
parameters for the grain size study were a camera binning of 6 × 6, map 
size of 800 × 800 µm2, and step size of 0.7 µm. For GND analyses, a 
higher resolution was required, and parameters were changed to camera 
binning of 4 × 4, map size of 45 × 45 µm2, and step size of 0.04 µm. The 
EDAX TSL OIM Analysis 8 software was used for analyses of all maps. 
For the larger inverse pole figure (IPF) and unique color grain maps, a 
grain dilation clean-up was executed considering a minimum grain size 
of 5 points and angle of tolerance of 5 ◦. For the analysis of grain size, Σ3 
and Σ9 twin boundaries were disregarded. For GND maps, the cleaning 
procedure involved a neighbor orientation correlation clean-up of third 
level, with a minimum confidence index of 0.1, and tolerance of grain 
angle of 5◦. Following thus, orientation Kernel smoothing was per-
formed for the first iteration, with Kuwahara filter up to the third 
neighbor, and a misorientation limited to 5◦. This GND analysis follows 
the method developed by Field et al. [48], where GNDs are calculated 
according to local misorientations. Both edge and screw dislocations, 
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and a maximum misorientation of 5◦ is considered in the GND calcula-
tion. Pole figures were obtained through a calculation method of har-
monic series expansion, at 16 series rank, and Gaussian smoothing of 5◦. 

Transmission electron microscopy (TEM) specimens were prepared 
through twin-jet electropolishing with a Struers TenuPol-5 in 10% 
perchloric acid solution in methanol at − 5 ◦C. A JEOL JEM-2100 F 
operating at 200 kV was used for the TEM observations. 

As-built samples were heat treated in an alumina tube-furnace, 
where DA consists of 9.1 h at 720 ◦C followed by 50 ◦C/h furnace 
cooling to 620 ◦C, holding for 7.2 h, and subsequential water quenching 
(WQ). The homogenization procedure was done at 1050 ◦C for 1 h then 
WQ followed by the same ageing as described above (HA). Both heat 
treatments were carried out in a flow rate of 0.2 L/min of Ar. Nomen-
clature of DA samples are referred to as Chess-DA and Meander-DA, 
while HA samples are Chess-HA and Meander-HA. 

For the nanoscale analysis of the TCP phases, MC carbides, and γ′ and 
γ′ ′ precipitates, APM was used. Tips were electropolished at room tem-
perature in two steps, first a rough polishing at DC voltage of 25 V in 
25% perchloric acid in glacial acetic acid, followed by fine polishing at 
10–15 V in 2% perchloric acid in 2-butoxyethanol [40]. A CAMECA 
local electrode atom probe (LEAP) 4000X Si in laser-assisted mode with 
a detector efficiency of 57% was used. The following parameters were 
applied for the data acquisition: pulse rate of 200 kHz, laser energy of 50 
pJ, and detection rate of 1.0%. An ultra-high vacuum of 
< 3.7 × 10–11 Torr was maintained in the analysis chamber during the 
experiment and temperature measured in the channel B was set to 50 K. 
Data reconstruction was carried out on the AP Suite 6.1 software. Image 
compression factor and k-factor were set to the standard values of 1.65 
and 3.3, respectively. For determining all concentration isovalues that 
define the phases, a method proposed by Theska et al. [49] was 
employed, where the differential concentration profiles at the interfaces 
are used to find the largest concentration gradient. Proximity histograms 
(proxigrams) with a step size of 0.1 nm were obtained for a total length 
of 6 nm for MC carbides and 4 nm for Laves phase. Quantitative eval-
uation of precipitates in DA and HA samples was done using tip volumes 
of 885,000 ± 2% nm3. For major axis size, aspect ratio, and oblateness 
determination, surfaces with volume lower than 10% of the largest 

precipitate in the dataset were disregarded, as they are considered ar-
tifacts due to local variations in the composition. The chemical 
composition of the phases was determined for all isosurfaces of each 
respective phase in the datasets. The cluster count analysis was carried 
out in tip volumes of roughly 60,000 nm3 containing the γ matrix only, 
with step size of 0.01 nm, order of 5 ions, and 10 solute ions as the 
minimum threshold to be confirmed as a cluster. 

A Struers DuraScan was used for Vickers hardness testing with 9.8 N 
force (HV1) observing the ASTM standard E92–82. Ten indents were 
done to obtain the average value with associated standard deviation. 

3. Results 

3.1. Microstructure of chessboard and meander samples in the as-built 
condition 

Fig. 1(b-d) and Fig. 1(f-h) show LOM and BSE images of the AB 
microstructures of Chess-AB and Meander-AB samples, respectively. An 
evident difference in the arc shaped melt pools is identified in LOM 
images in Fig. 1b and Fig. 1f. Chess-AB has melt pools with depth 
varying from 30 to 120 µm, where substantial overlapping is identified 
[27]. Large keyhole formations as deep as ~350 µm are seen at the 
intersection of two islands where the scanning directions are rotated 90◦

[50]. Melt pools in Meander-AB are more homogenous, ranging from 30 
to 60 µm in depth, with center-to-center distances matching the hatch 
spacing of 60 µm. Higher magnifications of melt pool boundary (MPB) 
regions are shown in Fig. 1c and Fig. 1g. Dendritic structures epitaxially 
grown across the MPB are present [51]. Different directions of heat 
extraction in the melt pools during solidification lead to misalignment 
between the BD and the columnar dendritic structures [52]. This phe-
nomenon is more pronounced in Meander-AB, where regions in between 
two adjacent melt pools of the same layer tend to grow epitaxially 45◦ to 
the BD. Fig. 1d and Fig. 1h display varying solidification structures, 
whose morphologies depend on the sectioning angle to the growth di-
rection [37,53]. The brighter interdendritic regions are characterized by 
elements segregated during solidification, which cause the formation of 
the Laves phase [54–56]. A quantitative evaluation of these structures is 

Fig. 1. (a) Illustration of chessboard scanning strategy; images of Chess-AB sample (b) LOM, (c) BSE, (d) solidification structures according to sectioning orientation; 
(e) illustration of meander scanning strategy; images of Meander-AB sample (f) LOM, (c) BSE, (h) solidification structures according to sectioning orientation. (For 
interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.) 
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shown in Table 1. The average volume fraction of the Laves phase of 
1.92% in Chess-AB is more than two times larger than in Meander-AB 
(0.88%), and its overall average size is around 130 nm, while in 
Meander-AB it is 73 nm. For dendritic morphologies of the type 2 and 3 
in Chess-AB, the dendritic arm spacing (λ) is 2.8, 3.6 times larger than in 
Meander-AB, respectively. The morphology of the type 4, similar to a 
fish-scale, is often formed at the melt pool boundaries [57]. Due to the 
faint contrast of the interdendritic region in morphology of the type 1, 
measurement of λ was not carried out in this case. 

Fig. 2 shows EBSD images of grains and the corresponding GND 
mapping of AB samples. Fig. 2a and Fig. 2e illustrate the pole figure 
representations of the orientation of grains from IPF maps in Fig. 2b and 
Fig. 2f for Chess-AB and Meander-AB, respectively. For both samples, 
the pole figures show a preferential grain growth along the BD in the 
〈001〉 direction, which has been widely reported in the literature [21, 
58]. As shown by the multiples of the uniform density (m.u.d) 
blue-to-red color code bar, Meander-AB shows stronger texture on the 
〈001〉 direction than Chess-AB. The grain maps in Fig. 2c and Fig. 2g 
illustrate that grains are elongated along the BD. Supplementary Fig. 
A1a shows the distribution of grain sizes for both samples and respective 
fitted curves. Table 1 reveals that the grains in Meander-AB with average 
size of 44 µm are 25% larger than the 35 µm grains in Chess-AB. The 
high-resolution GND maps in Fig. 2d and Fig. 2h show that Meander-AB 
has a denser dislocation network corresponding to 175 × 1012 GND/m2 

in comparison to Chess-AB (153 × 1012 GND/m2). A mixed quantitative 
and qualitative approach was followed when analyzing the GND density. 
On the one hand, large standard deviations are identified since a 
log-normal data distribution is obtained from the GND analysis, as 
shown in Supplementary Fig. A1b. On the other hand, fitted curves 
clearly show different GND density distributions between Chess-AB and 
Meander-AB. 

The microstructure in Meander-AB sample was studied by TEM, to 
further analyze the dislocation structures as exhibited in Fig. 3. Fig. 3a 
shows that dislocations are not limited to interdendritic regions, with 
many entangled dislocations present in the core of the plane view 
structure whose orientation is determined by the sectioning angle during 
TEM foil preparation, corresponding to the type 2 solidification struc-
ture in Fig. 1h. Fig. 3b shows a transverse cross section of the dendritic 
substructure, which has most dislocations arranged into its walls, and its 
diameter of ~300 nm agrees with the values reported for morphology of 
the type 3 from BSE images (Table 1). The inset SAEDs in Fig. 3(a-b) do 
not show superlattice reflections, indicating the absence of γ′ and γ′ ′

precipitation during LPBF processing. 

3.2. Chemical analysis of MC carbides, Laves phase, and γ matrix in the 
as-built condition 

APM reconstructions of interface regions consisting of interphase 
boundaries between MC carbides, Laves phase, and γ matrix are dis-
played in Fig. 4 and Fig. 5. The proxigrams, which show the concen-
tration profile evaluated across all interfacial surface between the phase 
of interest and the γ matrix determined by the concentration isovalues 

[40], are also presented in Fig. 4 and Fig. 5. As mentioned in the Ma-
terials and Method section, the concentration isovalues were obtained 
following the enhanced iso-surface method [49]. Supplementary Fig. 
A2a and Fig. A2c show APM reconstructions of the γ matrix in the 
dendritic core, i.e., away from other phases, in Chess-AB and 
Meander-AB, respectively. Table 2 shows the composition of the phases 
mentioned above. For the γ matrix, on the one hand, slightly larger 
amounts of the Laves phase forming elements Mo, Cr, and Ti are found in 
Chess-AB. A 4.18 at% Nb composition, on the other hand, is 10% lower 
in this condition when compared to a 4.6 at% of Nb in Meander-AB. 

The clustering analyses of Al and Nb, the primary forming elements 
of γ′ and γ′ ′, are presented in Supplementary Fig. A2b and Fig. A2d for 
Chess-AB and Meander-AB, respectively. The cluster count analyses 
were carried out on the γ matrix region shown in Fig. A2a and Fig. A2c. 
It is evident that for Nb, no significant deviation exists between the 
experimental and randomized count curves for both scanning strategies. 
The Al experimental curve in Chess-AB slightly deviates from the ran-
domized, indicating that some minor formation of Al clusters might have 
occurred at the dendritic core during cooling. A similar phenomenon is 
not observed in Meander-AB. These clusters might impact precipitation 
during direct ageing, as potential nucleation sites for Al-rich γ′. Some of 
the author’s recent studies on the early stages of precipitation reported 
similar findings on the influence of Al and Nb clusters during the evo-
lution of precipitates, particularly in the first 0.6 h of DA [59]. Higher 
temperature treatments, such as homogenization is likely to dissolve 
these clusters. 

The MC carbide in Meander-AB shown in Fig. 4a has an irregular 
shape. The proxigram in Fig. 4b shows that a depletion in Ni, Cr, and Fe 
is observed across the MC carbide/γ matrix interface. Nb, Ti, Mo, and C 
display opposite trend. Table 2 confirms an enrichment of Nb (31.71 at 
%) and Ti (11.69 at%) in the carbide, at proportions of 0.8 and 0.3 when 
related to C (38.68 at%). Ni, Mo, and Cr are also present in much smaller 
fractions. 

The Laves phase in Chess-AB shown in Fig. 5a contains amounts of 
Nb (19.77 at%) and Mo (4.64 at%) exceeding several times the amount 
found in the matrix, and lower amounts of Ni, Fe, and Cr. The proxigram 
in Fig. 5b shows that across the interphase boundary, there is an increase 
in Nb and Mo and decrease of Ni and Al. Variations in Cr and Fe con-
centrations are small, while Ti seems to segregate to the interface. 
Table 2 shows that the Laves phase is mostly composed of Nb, Ni, Fe, and 
Cr. 

The variations observed in the chemical composition of the γ matrix 
in Table 2 and in the proxigrams in Fig. 4 and Fig. 5 occur due to the 
proximity of the matrix to the carbide and the Laves phase, respectively. 
While the composition of the matrix in Table 2 refers to a matrix only 
APM dataset (Fig. A2), the composition in the proxigrams show inter-
phase boundary regions of few nanometers, where disturbances in the 
compositions are more pronounced. 

3.3. Analysis of interphase region after direct ageing 

Direct ageing causes the precipitation of γ′ and γ′ ′ precipitates as seen 

Table 1 
Morphology of phases in as-build conditions.   

Grain size (μm) GND density (1012/m2) Solidification structure* Laves vol. fraction (%) Laves size (nm) Dendritic arm spacing (nm) 

Chess-AB 35 ± 26 153 ± 118 1 1.84 113 ± 66 - 
2 1.83 110 ± 63 977 ± 68 
3 1.97 150 ± 132 1006 ± 148 
4 2.04 154 ± 139 819 ± 116 

Meander-AB 44 ± 31 175 ± 137 1 0.97 82 ± 49 - 
2 0.77 74 ± 94 352 ± 20 
3 1.00 66 ± 60 282 ± 28 
4 0.78 71 ± 52 425 ± 51 

Chess-HA 86 ± 61 139 ± 104 - 
Meander-HA 83 ± 52 133 ± 115  
* according to sectioning orientation 
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in Fig. 6 along with additional features. The detailed evolution of γ′ and 
γ′ ′ precipitates will be examined in Section 3.5. Fig. 6a shows an APM 
reconstruction of an interface region containing nanoscale precipitates, 
a Cr and Mo rich phase, and a MC carbide. As shown in Fig. 6a, γ′ and γ′ ′

precipitates are delineated by concentration isovalues of Al+Ti and Nb, 
respectively. The Cr and Mo rich phase might be a low Nb Laves phase 
based on its composition [16], being enclosed by a concentration iso-
value of 7.07 at% of Mo, determined with the enhanced iso-surface 
concentration method [49]. This phase formed along a grain boundary 
separates a γ′ ′ rich area to left hand side from a depleted region to the 
right. This is confirmed in Fig. 6b by the 1D compositional profile of the 
yellow cylinder that crosses the Laves phase. In the 5 nm range from 10 
to 15 nm of the cylinder length, a large enrichment of Mo up to 12 at% 
and Cr to 36 at% is seen in addition to a sharp decrease in Ni concen-
tration. The Fe composition is not greatly disturbed, while Nb, Ti and Al 
show a decreasing trend from left to right. Table 2 shows the chemical 
composition of the Laves phase and Fig. 6c shows the atom maps of the 
elements present. The C rich area is an indication of a MC carbide. B and 
P atoms along the Laves phase are another sign that this phase was 
formed along a grain boundary, since both elements are commonly 
segregated on this region [60]. 

3.4. Microstructure of chessboard and meander samples in the 
homogenized and aged conditions 

The primary aim of the 1050 ◦C homogenization for 1 h was to 
achieve dissolution of the Laves phase. Fig. 7 shows BSE images of Chess 
and Meander conditions after HA. It can also be examined from Fig. 7 
that Laves elimination has been achieved, however, some grain growth 
is observed. Fig. 7a and Fig. 7c show equiaxial grains alongside typical 
elongated grains also found in the AB condition. In the Chess-HA con-
dition, these recrystallized grains are sparsely distributed throughout 
the microstructure as identified by the red arrows, while in Meander-HA 
they have formed preferentially along columns as shown in the center of 
the Fig. 7c, within the red dashed box. Annealing twins are observed in 
the recrystallized grains as identified by the red arrow. The higher 
magnification in Fig. 7b and Fig. 7d confirm Laves phase dissolution, 
and that no additional phases seem to pin the interface boundaries be-
tween sub-grain regions and equiaxed grains. 

Similar to the AB materials, the pole figures (and the IPF map with 
respect to the BD) of the orientations of grains in HA samples are shown 
in Fig. 8a (Fig. 8b) and Fig. 8e (Fig. 8f) for Chess-HA and Meander-HA, 
respectively. The preferential orientation along the 〈001〉 direction is 
maintained, however, a double m.u.d intensity indicates that grain 

Fig. 2. EBSD images of typical as-built microstructures of Chess-AB (a) (001), (110) and (111) PFs, (b) IPF map, (c) grain map, (d) GND density map; EBSD images of 
as-built microstructure of Meander-AB (e) (001), (110) and (111) PFs, (f) IPF map, (g) grain map, (h) GND density map. The IPF color code was set with respect to the 
BD. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.) 

Fig. 3. Bright field TEM images of Meander-AB showing (a) dislocation rich region and (b) solidification formation with dislocation on the walls. Inset images show 
the selected area diffraction patterns where image (a) was obtained with B=[101] and g=[010] and image (b) with B=[112] and g=[111]. 
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Fig. 4. APM reconstruction of interface region between γ matrix and MC carbide in (a) and proxigram in (b) in the Meander-AB condition. Enrichment of Ti, Mo, C, 
and Nb in the MC carbide are seen in the right half of the proxigram. (For interpretation of the references to colour in this figure legend, the reader is referred to the 
web version of this article.) 

Fig. 5. APM reconstruction of interface region between γ matrix and Laves phase in (a) and proxigram in (b) in the Chess-AB condition. Enrichment of Mo, and Nb in 
the Laves phase are seen in the right half of the proxigram. (For interpretation of the references to colour in this figure legend, the reader is referred to the web 
version of this article.) 

Table 2 
Chemical composition of MC carbide, Laves phase, γ matrix, and low Nb Laves phase (at.%).   

Ni Fe Mo Nb Cr Ti Al Si C 

MC carbide 4.98 0.85 6.30 31.71 5.18 11.69 0.19 0.23 38.68  
± 0.12 ± 0.05 ± 0.14 ± 0.34 ± 0.12 ± 0.19 ± 0.02 ± 0.03 ± 0.39 

Laves phase 42.68 13.46 4.64 19.77 16.63 1.72 0.53 0.25 0.02  
± 0.11 ± 0.06 ± 0.03 ± 0.07 ± 0.06 ± 0.02 ± 0.01 ± 0.01 - 

γ matrix Chess-AB 52.00 19.31 1.37 4.18 21.10 1.06 0.74 0.04 0.01 
± 0.05 ± 0.03 ± 0.01 ± 0.01 ± 0.03 ± 0.01 ± 0.01 - - 

Meander-AB 52.08 19.31 1.27 4.60 20.73 1.01 0.85 0.03 -  
± 0.05 ± 0.03 ± 0.01 ± 0.01 ± 0.03 ± 0.01 ± 0.01 - - 

Low Nb Laves phase (Fig. 6) 26.75 20.78 12.10 3.06 36.35 0.16 0.11 0.26 0.03 
± 0.13 ± 0.11 ± 0.08 ± 0.04 ± 0.16 ± 0.01 ± 0.01 ± 0.01 -  
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growth occurred at a specific orientation still along the 〈001〉 direction 
[61–63]. The grain maps in Fig. 8c and Fig. 8g illustrate that grains are 
still elongated along the BD, however, as observed in Fig. 7, a column of 
fully recrystallized equiaxed grains is present in Meander-HA, as high-
lighted by the black dashed box in Fig. 8f. Supplementary Fig. A1c shows 
the distribution of grain sizes for both samples and respective fitted 
curves. Even though the distribution of grain size for Meander-HA and 
Chess-HA varies within a 40–200 µm range, their average grain size is 
roughly the same around 84 µm, as shown in Table 1. The HA heat 
treatment leads to grain growth in the order of 2.5 and 1.9 times in 
comparison to Chess-AB (35 µm) and Meander-AB (44 µm) samples, 
respectively. GND maps in Fig. 8d and Fig. 8h show that dislocation 

structures after HA seem to be more concentrated to the sub-grain 
boundaries and, to a lower degree, core of these sub-grains, in com-
parison to the AB conditions in Fig. 2. According to Table 1, the GND 
density is similar for both Chess-HA and Meander-HA (~ 136 × 1012 

GND/m2), however, the reduction from AB is more pronounced for the 
latter with a 24% decrease, while for the former it is only 9%. Similarly, 
to the AB condition, GND density analysis for HA materials should also 
consider the fitted curves shown in the GND density distribution in 
supplementary Fig. A1d. This underpins that varying GND densities are 
present between Chess-HA and Meander-HA. 

Fig. 6. (a) APM reconstruction of interface region containing γ′, γ′ ′ precipitates, Laves phase, and a MC carbide in Meander-DA. The compositional profile of the 
yellow cylinder in (a) is shown in (b); (c) Individual atom maps of the main elements in the tip. (For interpretation of the references to colour in this figure legend, the 
reader is referred to the web version of this article.) 
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3.5. Morphological analysis of γ′ and γ′ ′ precipitates in direct aged versus 
homogenized and aged conditions 

The availably of Al, Ti, and Nb in the γ matrix determines the 

formation of γ′ and γ′ ′ precipitates. As shown in Table 2, Nb and Al solute 
concentrations available to form precipitates during ageing in Chess-AB 
(4.18 at% of Nb and 0.74 at% of Al) are lower than in Meander-AB 
(4.6 at% of Nb and 0.85 at% of Al). Fig. 9 shows the APM 

Fig. 7. (a) BSE image of Chess-HA with arrows indicating recrystallized grains; (b) higher magnification image of sub-grain region; (c) BSE image of Meander-HA 
with red dashed box indicating a column of recrystallized grains and arrow show a annealing twin, (d) higher magnification image of interface between a sub-grain 
region and a recrystallized grain. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.) 

Fig. 8. EBSD images of typical microstructures of Chess-HA (a) (001), (110) and (111) PFs, (b) IPF map, (c) grain map, (d) GND density map; EBSD images of 
microstructure of Meander-HA (e) (001), (110) and (111) PFs, (f) IPF map with black dashed box showing a column of recrystallized grains, (g) grain map, and (h) 
GND density map. The IPF color code was set with respect to the BD. (For interpretation of the references to colour in this figure legend, the reader is referred to the 
web version of this article.) 
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reconstruction of DA and HA samples away from interdendritic phases, 
with γ′ colored in turquoise and γ′ ′ in brown. Concentration isovalues of 
Nb and Al+Ti for each condition are displayed alongside the APM im-
ages. These values change for each condition because the composition of 
the precipitates also change. A single isovalue of Nb and Al+Ti would 
not properly take this variation into consideration. Marked by red ar-
rows, coarse and elongated γ′ ′ precipitates are visible in Meander-DA in 
Fig. 9b, which are shown isolated from other precipitates in the bottom 
reconstruction. These coarse γ′ ′ precipitates are not present in Chess-DA 
in Fig. 9a. Precipitates are also identified in Chess-HA in Fig. 9c and 
Meander-HA in Fig. 9d, however, no coarse phases are present in these 
samples. 

Fig. 10 shows quantitative analyses of the precipitates from Fig. 9. 
Volume fraction plots in Fig. 10a show that except for a minor variation 
in Meander-DA, the scanning strategy and heat treatment do not heavily 
affect γ′ precipitation. For γ′ ′, a significant variation in volume fraction is 
observed, where Chess-HA has quadruple volumes (16.4%) of this phase 
in comparison to Chess-DA (4%). If the 3.7% volume fraction of coarse 
γ′ ′ precipitates in Meander-DA is disregarded, the volume fraction of 
nanoscale precipitates is similar to Chess-DA, and a threefold increase is 
seen for Meander-HA (13%). The length of the major axis of the 

precipitates is shown in Fig. 10b. Both γ′ and γ′ ′ in Chess-DA and 
Meander-DA have sizes around 14 nm, while for HA condition, the 
former increases to 19 nm for Meander-HA and the latter increase to 25 
and 21 nm for Chess-HA and Meander-HA, respectively. Coarse γ′ ′ major 
axis length range from 25 to 55 nm. 

The bubble plots in Fig. 11 illustrate the aspect ratio versus oblate-
ness of γ′ and γ′ ′ precipitates according to their volume. In case of 
Meander-DA, the average shape of commonly spherical γ′ precipitates 
falls into the sphere quadrant at oblateness of 0.63, while in Chess-DA 
these precipitates trend towards a disc morphology to an average 
oblateness of 0.48 in the disc quadrant. In these conditions, γ′ ′ shows 
similar behavior being more disc shaped in the Chess-DA (oblateness of 
0.5) than in Meander-DA (oblateness of 0.66). In the HA samples, for the 
chessboard strategy, the shape of the γ′ ′ is unchanged in comparison to 
DA. For Meander-HA lower oblateness values are observed for γ′ ′, with 
an average value of 0.56. The γ′ precipitates in HA are slightly more 
spherical than in DA samples for the chessboard strategy, with oblate-
ness of 0.53, while for Meander-HA lower spherical shape is identified at 
oblateness of 0.61. The coarse γ′ ′ precipitates, found in the Meander-DA 
sample, are represented by the larger dark bubbles in Fig. 11b, having an 
average shape in the rod quadrant. 

Fig. 9. APM reconstruction showing γ′ and γ′ ′ precipitates in (a) Chess-DA; (b) Meander-DA and coarse γ′ ′ precipitates marked by red arrows and shown separated 
from other precipitates and Ni ions in green; (c) Chess-HA; and (d) Meander-HA. (For interpretation of the references to colour in this figure legend, the reader is 
referred to the web version of this article.) 
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Fig. 10. (a) Volume fraction and (b) average length of major axis of γ′ and γ′ ′ precipitates. (For interpretation of the references to colour in this figure legend, the 
reader is referred to the web version of this article.) 

Fig. 11. Aspect ratio vs oblateness of γ′ and γ′ ′ precipitates in (a) Chess-DA; (b) Meander-DA; (c) Chess-HA; (d) Meander-HA. Crosses represent the average value of 
aspect ratio vs oblateness. The star in (b) is the average aspect ratio vs oblateness of the large darker circles that represent the coarse γ′ ′ precipitates. The radii of the 
bubbles are directly proportional to their volume. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of 
this article.) 
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Good correlation of the precipitate’s morphology is observed with 
APM results from literature for IN718 manufactured under different 
conditions [59,64,65]. However, it is important to highlight possible 
local magnification artifacts that may occur in APM experiments due to 
differences in evaporation fields of the many phases present [66]. For 
this reason, correlative characterization analyses with TEM and 
small-angle X-ray scattering are recommended for future works to 
complement our findings. 

3.6. Chemical composition evolution of γ′ and γ′ ′ precipitates 

Fig. 12 shows the evolution of chemical composition of the pre-
cipitates in DA and HA samples. For the γ′ precipitates in Fig. 12a, small 
variations are observed confirming that printing and post-processing 
parameters have low impact on the evolution of these precipitates, as 
previously discussed. The largest variation is for Mo in Chess-DA 
(1.32 at%) which is more than double than in Meander-DA (0.58 at%) 
and higher than the HA condition (0.61 at% for Chess-HA and 0.89 at% 
for Meander-HA). The composition of γ′ ′ precipitates in Fig. 12b is 
shown for DA and HA for typical precipitates, while the composition of 

Fig. 12. (a) Chemical composition of γ′ precipitates; (b) Chemical composition of γ′ ′ precipitates. (For interpretation of the references to colour in this figure legend, 
the reader is referred to the web version of this article.) 
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the coarse γ′ ′ precipitates in Meander-DA is shown in the middle of the 
chart. Larger compositional variations are observed for all elements in 
comparison to γ′. In DA, concentration of Ni, Nb, and Ti in the γ′ ′ pre-
cipitates is significantly lower than in HA, while Cr, Fe, Mo, and Al 
concentrations are higher. The average variation in composition be-
tween Chess-DA and Meander-DA is five times higher than variations 
between Chess-HA and Meander-HA, indicating that precipitates formed 
after HA are more compositionally stable. Coarse precipitates in 
Meander-DA have a compositional profile closer to the precipitates in 
HA condition. It should be mentioned that error bars are included in the 
graphs in Fig. 12, however, these deviations are negligible and cannot be 
easily seen with the chosen axis dimensions. 

3.7. Hardness testing 

The micro- and nanostructural features presented in Fig. 1 to Fig. 12 
affect the mechanical properties. Fig. 13 shows the evolution of hardness 
according to the condition of the material, i.e., AB, DA, and HA for 
meander and chessboard scanning strategies. DA causes a 57% increase 
in hardness in relation to AB condition from 340 HV to 535 HV, while 
HA materials have around 40% higher hardness. No significant differ-
ence is observed between the two scanning strategies for AB and DA, 
while a 15 HV difference is observed between Chess-HA and Meander- 
DA, however, these hardness values are within each other’s standard 
deviation. Superior mechanical strength is expected for the heat treated 
materials [58] as hardness has been demonstrated to correlated with 
ultimate tensile strength (UTS) [67], while some of the current authors 
have shown in their previous studies on cast and wrought IN718 that the 
hardness was a good representation of the yield strength (YS) at 650 ◦C 
[68]. For more details on the mechanical properties of the AB materials, 
the reader is referred to [46]. 

4. Discussion 

4.1. Effects of scanning strategy on the as-built microstructure 

The length of the scanning vectors plays an important role in the 
temperature distribution during the LPBF process [69]. In the meander 
scanning strategy, the length of the scanning vector is equal to the x or y 
dimension of the fabricated block (Fig. 1e), i.e., 140 or 22 mm, respec-
tively. In the chessboard strategy, this vector is always equal to 5 mm, 
which is the size of the islands (Fig. 1a). In IN718, due to the large 
conductivity difference between powder (0.1190 W/m/◦C) and solid 

(31.3 W/m/◦C) at 1350 ◦C [70], heat dissipation during cooling after 
the laser track passing is directly related to the length of the scanning 
vector [19]. A shorter vector length, and thus shorter time interval be-
tween solidification and reheating along a single laser track due to 
melting of the neighboring laser track, leads to higher temperature fields 
in the deposited layers and slower cooling rates [69]. The cooling rate 
(ε) at the solidification front determines the size of the dendritic arm 
spacing (λ) according to λ = aε− b [71], with a and b being material 
constants. Liu et al. [72] found that in steels dendritic substructure size 
varies according to solidification rates for different processing parame-
ters. As a result, coarser dendritic structures and lower residual stresses 
are expected in Chess-AB as shown in Fig. 1 and Fig. 2 in agreement with 
previous research [20,73]. Table 1 reports that solidification structures 
are 2–3.6 times larger in Chess-AB. The GND density, which is correlated 
to the residual stress from reheating and cooling cycles, is 14% lower in 
Chess-AB. The dislocation network in the Meander-AB condition (Fig. 3) 
is mainly located in the interdendritic regions due to the presence of 
secondary phases, but also arranged into low angle boundaries in order 
to accommodate misorientations between dendrites. The presence of 
GNDs in the dendritic cores is another indication for the high level of 
stresses generated during the cyclic and rapid remelting and solidifica-
tion [22,74]. 

The correlation between G and V controls the morphology evolution 
of the dendrites [75] where an increase in constitutional undercooling 
promotes the solidification front to change from planar to dendritic. In 
the interdendritic regions, liquid with high concentration of Nb, Mo, and 
Ti solidifies into eutectic phase composed of γ and TCP phases, such as 
the Laves phase [18]. In the Meander-AB sample, as shown in Table 1, 
low volume fractions (0.88%) of discrete Laves phase particles are found 
due to less pronounced chemical segregation associated with the high 
cooling rate around the liquid-solid front. In the Chess-AB condition, 
double volume fractions (1.92%) of chain-like Laves phase particles are 
identified in agreement with the lower solidification rate due to higher 
temperatures in the liquid-solid interface induced by previous laser 
tracks. 

The melt pool shapes seen in the LOM in Fig. 1 and the directional 
grain growth in EBSD maps in Fig. 2 can be correlated to the scanning 
strategies and are governed by the Marangoni effect and associated 
convective phenomena [76]. Even though both strategies have a repe-
tition of the pattern at every other layer due to the 90◦ rotation, the arc 
shaped melt pools generated by the Gaussian energy distribution of the 
laser beam [13] are consistently more homogeneous in Meander-AB. 
The scanning vector length within the chessboard islands causes 
higher temperature fields within each single layer. However, in the layer 
n + 1, the islands are randomly scanned and laterally shifted by 1 mm 
compared to islands in layer n, meaning that a much lower regular 
repetition is present in this scanning strategy when compared to the 
meander strategy. During solidification, the overlapping melt pools in 
the chessboard pattern generates a distribution of grains, which tend to 
be confined within the 30 µm thick layers. Conversely, the more ho-
mogeneous meander pattern promotes a heat flux between layers where 
epitaxial grain growth is favored, crossing the MPBs and producing 
larger elongated grains with stronger cubic texture along the BD as 
shown in Fig. 2 [22]. 

4.2. TCP phases and MC carbides at interphase boundaries 

The eutectic transformation during solidification occurs when the Nb 
concentration in the liquid is within 15–20 at% range, causing Laves 
phase formation [77]. Prior to that, MC carbides enriched in Nb and Ti 
are formed [78]. Spherical MC carbides can become nucleation sites as 
they have been found embedded in the Laves phase in the Meander-AB 
condition [46]. As shown by the APM reconstructions in Fig. 4 and Fig. 5 
and chemical information in Table 2, these precipitates are responsible 
for consuming Nb from the γ matrix, impacting the formation of the 

Fig. 13. Vickers hardness (HV1) of chessboard and meander samples in AB, 
DA, and HA condition. (For interpretation of the references to colour in this 
figure legend, the reader is referred to the web version of this article.) 
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main strengthening precipitates during ageing. The formation of the low 
Nb Laves phase has a significant detrimental impact on mechanical 
properties, due to grain boundary embrittlement. As shown in Fig. 6, this 
phase also promotes uneven distribution of Nb, and consequently the 
formation of a γ′ ′ depleted zone is seen in the grain on the right-hand 
side of the tip. 

4.3. Heat treatment effects on the microstructure 

Post-processing treatments are applied to minimize some of the 
microstructural in homogeneities from the AM process, and to precipi-
tate nanoscale strengthening phases. While direct ageing (i.e. ageing 
without a solution treatment) in cast and wrought IN718 is economical 
and reported to achieve excellent combinations of mechanical proper-
ties [65,79,80], typical ageing temperatures alone are not sufficient to 
produce significant microstructural changes related to grain size, Laves 
phase, and residual stresses after AM [37,43]. Homogenization at tem-
peratures above 1000 ◦C, on the other hand, may cause phase dissolu-
tion, as well as recrystallization and grain growth. The Laves solvus 
temperature is reported to be around 1100 ◦C [81], however, lower 
homogenization temperatures have shown to be able to dissolve this 
phase when it is present in low volumes. The homogenization curve 
proposed by Huang et al. [30] places the homogenization temperature 
and duration selected in our investigation at the threshold of where 
significant microstructural changes are expected to occur. This was done 
intentionally as will be discussed later. As seen in Fig. 7, Laves phase 
dissolution is achieved for Chess-HA and Meander-HA, however, addi-
tional and localized recrystallization takes place in the latter. The lower 
volume fraction of Laves phase in Meander-AB (Table 1) enables faster 
dissolution of this phase, which has been shown to be an effective 
sub-grain boundary pinning particle [34]. Recrystallization then pro-
ceeds primarily during homogenization of this condition. Due to its 
epitaxially grown grains structures (Fig. 2), this initial recrystallization 
is confined to columns of closely oriented grains, producing a 
multi-modal grain distribution [82]. In the Chess-HA condition in Fig. 7, 
recrystallization seems to occur more randomly, possibly within prior 
AB grains where the Laves phase volume fraction was lower. Over-
lapping melt pool areas which contain higher residual stresses might 
also lead to accelerated recrystallization due to existence of higher 
number of heterogenous nucleation sites [83,84]. 

For overall mechanical properties improvements, a complete Laves 
phases elimination is recommended, while the grain size should remain 
small. Sub-grain boundaries such as those from the dendritic structures 
are also beneficial to strength, as they limit dislocation slip, while low 
fractions δ phase on the grain boundaries are reported to limit grain 
growth enhancing fatigue properties in conventionally manufactured 
materials [33,85]. These complex interplays highlight the importance of 
optimization of heat treatment schedules. On the one hand, low ho-
mogenization temperatures might lead to δ phase precipitation and 
smaller grain sizes, however, Laves phase dissolution might not be 
achieved. High homogenization temperatures, on the other hand, will 
remove the Laves phase, but formation of the δ phase will not occur 
causing grain growth. For industrial applications, shorter homogeniza-
tion at lower temperatures is more economically viable, however, higher 
temperatures and longer heat treatments might better remove hetero-
geneities in the material. Zhao et al. [86] showed recently that at 
1180 ◦C, grain growth occurs primarily in the first 20 min of homoge-
nization, while longer treatments up to 12 h do not seem to cause any 
significant additional grain growth. We have chosen an intermediate 
homogenization temperature of 1050 ◦C for a short time of 1 h, to 
eliminate the Laves phase, while retaining most of the original dendritic 
structure and avoiding δ phase formation which consumes Nb from the γ 
matrix [87]. According to Table 1, grains have more than doubled in size 
in Chess-HA, while the GND density decreased only by 9%. The grain 
size increase in the Meander-HA sample (Fig. 8) was slightly lower than 
the chessboard sample, while the GND density reduction of 24% was 

more substantial. As discussed in the next section, the influence of the 
main strengthening precipitate γ′ ′ volume and size is significantly 
different between DA and HA materials, however, the grain size, and the 
presence of retained dislocation networks need to be taken into account 
when considering the average 10% difference in hardness between these 
conditions (Fig. 13). Both factors act as barriers for the slip of disloca-
tions created during hardness testing. Generally, there is a direct cor-
relation between hardness, room temperature UTS and YS [67,68], 
however, these properties have not been shown to significantly vary 
between DA and HA materials [11,17,88]. For instance, YS in the order 
of 1200 MPa have been found for DA and HA materials, while UTS in the 
1400–1500 MPa have been reported. Other critical mechanical proper-
ties, however, such as ductility and fatigue resistance are expected to be 
superior in the HA samples, due to the removal of the brittle Laves phase 
[17]. Deng et al. [11] found that during tensile testing of vertically built 
IN718, in comparison to DA, elongation to fracture is 10% higher in 
samples subjected to a heat treatment similar to HA. 

4.4. Nanoscale precipitation behavior as a function of heat treatment and 
scanning strategy 

The in-situ formation of precipitates has been reported during 
controlled LPBF processing [89]. Using the processing parameters in the 
current study, no precipitation is identified as confirmed by the absence 
of superlattice reflections in the SAED in Fig. 3. However, atomic clus-
tering was found as shown in Fig. A2b for Chess-AB. The experimental 
curve of Al atoms which are prone to clustering [59], exhibits a slight 
deviation from the randomized curve. This is an indication that due to 
the high temperatures fields at the short laser scanning vector, the 
cooling rate in this sample is low enough to allow Al diffusion towards 
positions that could become nucleation sites for γ′ precipitates. For both 
scanning strategies, after DA and HA, γ′ precipitation is largely inde-
pendent of previous processing. In agreement with the unaltered 
morphology evolution, the chemical evolution of γ′ also does not show 
significant variations during DA versus HA as reported in Fig. 12a, as 
only negligible amounts of Al and Ti are incorporated into the Laves 
phase, i.e., its dissolution does not release much additional Al and Ti into 
the matrix. 

The microsegregation of elements to interdendritic regions is a 
common issue in AM IN718 [17,41]. The dendritic core is poor in Nb, 
which can be related to the low volume fractions (~ 4%) of nanoscale γ′ ′

as found in both Chess-DA and Meander-DA samples (Fig. 9 and Fig. 10). 
The presence of Nb rich areas at the interdendritic regions surrounding 
Laves phase particles will cause the formation of coarse γ′ ′ precipitates. 
In this case, the size of precipitates has been shown to be in the unde-
sirable size range of hundreds of nanometers [35]. The Meander-DA 
condition with a higher GND density has a higher probability of 
locating coarse γ′ ′ precipitates that are formed along dislocation struc-
tures within an atom probe dataset, similarly to the phenomenon 
observed in highly strained conventionally manufactured IN718 [59, 
90]. Even though the APM samples studied were from random regions, 
the length of the major axis of coarse precipitates of ~40 nm (Fig. 10b) 
allows the conclusion that the tips in Fig. 9b show a dislocation rich 
dendritic core region, instead of an interdendritic area. Fig. 3a shows 
that these regions contain entangled dislocations (Fig. 3a) in the AB 
condition, and consequently in the DA condition too. Therefore, the 
formation of the coarse precipitates was accelerated by pipe diffusion 
due to the dislocation network [91]. The lower volume fraction of the 
Laves phase in Meander-AB (Table 1) also contributes to the formation 
of the coarse γ′ ′ precipitates since the γ matrix has higher Nb contents 
(Table 2). Similar structures may be present in the Chess-DA condition, 
however, they are less likely to be contained in APM samples due to the 
lower GND density and lower Nb concentration in the matrix. 

The influence of Laves phase dissolution during homogenization is 
more pronounced for γ′ ′ precipitates. In addition to the redistribution of 
Nb into the matrix and minimizing Nb segregation, dislocation 
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annihilation also decreases the likelihood of formation of coarse γ′ ′ in 
the HA conditions. As shown in Fig. 10a, the increase in volume fraction 
to 16% and 13% and average length to 25 and 21 nm for Chess-HA and 
Meander-HA, respectively, indicate that this heat treatment produces γ′ ′
precipitate morphologies closer to conventionally manufactured and 
aged IN718 materials [90]. According to Fig. 12b, the precipitates in HA 
conditions have compositions that are more stable and comparable to 
other processing routes [59] than the DA condition. In DA conditions, γ′ ′
precipitates are enriched in Fe, Cr, and Mo and slightly depleted in Nb. 
The lower amount of Nb in γ′ ′ in the DA condition can be justified by the 
presence of the Laves phase. First-principles calculations have shown the 
influence of alloying elements of the phase stability of γ′ ′ [92–94], where 
Cr and Fe tend to occupy the Ni sublattice, while Mo substitute the Nb 
sublattice. However, further density functional theory studies might 
clarify this aspect of non-ideal stoichiometry for the γ′ ′ precipitates after 
DA in LPBF IN718. The coarse γ′ ′ precipitates in Meander-DA have 
compositions closer to the precipitates found in Chess-HA and 
Meander-HA. As in the DA condition, the accelerated diffusion of heavy 
elements along dislocations enables their redistribution along these 
channels, thus more compositionally stable coarse precipitates are 
formed [59]. In the HA condition, the elements are already more 
homogenously distributed after homogenization, and precipitates 
formed have more typical morphologies and chemical compositions. 

Concerning the morphology of the precipitates as presented in 
Fig. 11, their average aspect ratio to oblateness is consistent to previous 
reports on conventionally manufactured IN718 parts [59,90]. The γ′ ′

precipitates after HA seem to correspond more closely to the literature 
with respect to the lower oblateness levels towards a disc shape of 0.5 
and 0.56 for Chess-HA and Meander-HA, respectively. Thermo-kinetic 
models of conventionally manufactured IN718 show the length of the 
major axis of γ′ ′ to range from 15 to 20 nm, at volume fractions of 11% 
and oblateness of 0.32. The γ′ precipitates are reported to be smaller 
with a mean length between 12 and 16 nm, volume fractions from 7% to 
9%, and oblateness of 0.54 [79,95]. 

The strengthening effect related to the precipitate-dislocation inter-
action can occur by the shearing mechanism where dislocations cut 
small precipitates or the Orowan mechanism where dislocations bow- 
out between large precipitates [96]. The strengthening contribution 
depends on the fraction and size of precipitates. For volumes fractions 
between 9% and 15% of γ′ ′, optimal contribution have been reported by 
Zhang et al. [88] for precipitates diameter between 34 and 44 nm. 
Accordingly, the larger precipitates in the HA samples are expected to 
generate higher strengthening than the smaller precipitates in the DA 
samples. However, the presence of Laves phase and dislocations cells in 
the latter also provide additional hardening. Laves phase has been 
shown to contribute to as much as 107.9 MPa in yield strength [88]. 
When converted to HV, according to the relation proposed by Osada 
et al. [97], up to 44 HV can be attribute to the Laves phase. The values of 
~536 HV for DA, and 470–486 HV for HA materials are also impacted 
by the grain structure and retained dislocation networks, as discussed in 
Section 4.1, where the smaller grains and higher fraction of dislocation 
cells in DA condition contribute to increased hardness. 

5. Conclusions 

In this study, new insights into the detailed microstructure evolution 
in IN718 materials processed by laser powder-bed fusion are presented, 
with particular emphasis on the morphology and chemistry of secondary 
phases. The influence of scanning strategy is considered for Meander 
and Chessboard strategies. Further, the microstructural effects of direct 
ageing (DA) versus homogenization and ageing (HA) heat treatments are 
studied in detail. The key finding can be summarized as follow:  

• The shorter scanning vector length in the Chessboard strategy results 
in slower heat dissipation, generating coarser interdendritic arm 
spacing with the formation of double volume fractions of ~80% 

larger Laves phase than in Meander-AB. Slower cooling also leads to 
Al clustering in Chess-AB. The higher regularity in the Meander 
strategy generates coarse grains epitaxially grown along the build 
direction.  

• Atom probe microscopy reveals MC carbides rich in Nb, Ti, and Mo, 
and Laves phase with high concentrations of Nb, Mo, Fe, and Cr. A 
Cr-Fe-Mo rich acicular phase on a grain boundary is identified as low 
Nb Laves phase.  

• HA eliminates the Laves phase but causes grain growth and partial 
recrystallization. In Meander-HA, recrystallized grains are formed 
along columns, possibly where large epitaxial grains where located. 
Dislocation annihilation is more pronounced in the Meander 
samples.  

• Low availability of solute elements in the matrix due to the presence 
of Laves phase and MC carbides impacts γ′ ′ precipitation. The volume 
fraction of nanoscale γ′ ′ is around 4% in both Chess-DA and 
Meander-DA conditions. The Meander-DA condition contains coarse 
precipitates formed by pipe diffusion. The dissolution of the Laves 
phase after HA leads to more desirable volume fractions of nanoscale 
γ′ ′ of ~16%.  

• Coarse γ′ ′ precipitates in Meander-DA have chemical compositions 
close to chemically stable precipitates in the HA condition. Due to 
the inhomogeneous distribution of alloying elements on the matrix 
after LPBF, γ′ ′ precipitates in the DA condition are enriched in Mo, 
Cr, and Fe, and low in Nb. The morphology and chemical composi-
tion of γ′ precipitates are not significantly impacted by the scanning 
strategy or heat treatment.  

• The higher hardness after heat treatment is mostly caused by γ′ and 
γ′ ′ precipitation, however, the larger grain size, lower GND density, 
and dissolution of Laves phase in the HA condition contribute to 
lower hardness than the DA samples. 

We believe that these new detailed findings will enable optimizations 
of processing and post-processing parameters. They will also provide 
useful input data for CALPHAD and thermo-kinetic modelling for 
achieving superior mechanical properties in LPBF IN718. 
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