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Preface to ”Casting and Solidification of Light Alloys”

The processes of casting and crystallization define the development of the final properties of light

alloys, and optimization of these processes allows for improving efficiency of the use and applications

of light alloys. The analysis and design of such processes requires special attention. The aim of this

book is to present the latest achievements in technology, including advanced and modern approaches,

structure development, and properties of the light alloys. Included are investigations of the effect

of casting and crystallization on the structure and properties of the resulting light alloys (based

on aluminum and magnesium to begin with) and, in particular, research connected with detailed

analysis of the microstructure of light alloys obtained using various external influences of ultrasonic,

vibration, magnetic, and mechanical processing on the casting and crystallization. The use of modern

methods to study the properties of alloys in order to assess the effect of structure on the mechanical

and functional properties of light alloys is also covered as are studies on the introduction of additives

(modifiers, reinforcers, including nanosized ones, etc.) into the melt during the crystallization

process, the technological properties of casting (fluidity, segregation, shrinkage, etc.), the structure

and physicomechanical properties of light alloys. Finally, this book includes papers that focus

on the relations of physicomechanical properties with the defective structure of light alloys and

mathematical modeling of plastic deformation of dispersion-strengthening materials.

Alexander Vorozhtsov

Editor
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1. Introduction and Scope

At present, light alloys based on aluminum, magnesium, titanium, etc. have been intensively
studied. Improving the properties of these alloys by modifying the structure and reinforcement makes
it possible to solve the technological problem of increasing the working properties of mechanical
engineering products while simultaneously reducing their weight. Concurrent to the study and
development of methods for strengthening light alloys, casting technologies also require improvement
since traditional casting technologies do not allow for the improvement of alloy properties when
hardening particles are introduced into the liquid phase of the base metal. Modern methods of
processing light alloys during casting make it possible to increase the physical and, ultimately,
the operational properties of the obtained alloys by degassing, reducing the average grain size,
increasing the uniformity of the alloy composition, reducing the amount of agglomerates and impurities
at grain boundaries, increasing wettability, etc. The development of unconventional casting methods
and the study of properties of light alloys are reported in the articles of this special issue.

2. Contributions

This special issue consists of one review and 11 original research articles. Of these 12 articles,
10 articles are devoted to aluminum alloys, one article is devoted to titanium alloys and the review
article is devoted to aluminum, titanium, copper and magnesium alloys.

The review article [1] provides an overview of recent advances in light alloys (aluminum, copper,
titanium and magnesium alloys) modified using friction stir processing (FSP). The general mechanisms
of the formation of subsurface gradient structures in metal alloys processed by FSP under various
conditions are described. It is shown that FSP can be used to produce light alloys with subsurface
gradient structure, composite subsurface gradient structure and “in-situ” composites.

In the first research article [2], aluminum alloys of the Al-Mg system with titanium diboride
particles of different dispersion were obtained. The introduction of titanium diboride particles using
ultrasonic treatment of the melt made it possible to significantly reduce the average grain size of the
alloy AA5056. The greatest effect of structure refinement was obtained using a master alloy containing
titanium diboride particles with a size of 1 μm. It was also found that the introduction of titanium
diboride particles led to an increase in the yield strength, tensile strength and plasticity from 57 to
71 MPa, from 155 to 201 MPa, and from 11.5 to 18.8%, respectively.

The effect of aluminum oxide nanoparticles introduced into the melt using ultrasonic treatment
of the melt on the structure, and the properties of pure aluminum were studied in [3]. It was found
that the introduction of nanoparticles of aluminum oxide using ultrasonic treatment of the melt into
commercially pure aluminum allowed microstructure refining and reduced the average grain size from
200 to 69 μm. The introduction of nanoparticles made it possible to increase the hardness from 19 to
22 HB, the yield strength from 12 to 27 MPa, and the tensile strength from 48 to 79 MPa in commercially
pure aluminum.

In [4], the effect of porosity on the properties of aluminum composites reinforced with SiC particles
was studied using 2D models and finite elements analysis. The authors found that when the particle

Metals 2020, 10, 1407; doi:10.3390/met10111407 www.mdpi.com/journal/metals1
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content did not exceed 11%, and the theoretical density of the material was reached, the shape of the
particles (circular or square) did not affect the mechanical properties of the composite. With SiC particle
content of more than 11%, the angular particles were more effective in improving the mechanical
properties. Furthermore, it was shown that the particles transferred the stress to the soft matrix even in
the presence of pores in the composite.

The analysis of the effect of processing the Al-Mg-Si solution on the transformation of β-AlFeSi
particles into α-(FeMn) Si and the aging of the Al 6063 alloy were presented in [5]. It was found that
the maximum hardness of 104 HV was reached following a solution treatment at a temperature of
600 ◦C for 2 h and aging at a temperature of 160 ◦C for 12 h.

In work [6], the Al-Si-Cu-Mg alloy was cast at casting speeds of 1, 2, 3 and 4 mm/s by the Ohno
continuous casting (OCC) process. It was shown that the spacing between secondary dendrite arms of
α-Al dendrites in the samples decreased significantly with an increase in the casting speed. Moreover,
an increase in the casting speed to 4 mm/s allowed the authors to increase the tensile strength of the
alloy, which was not possible with the alloy obtained at the casting speed of 1 mm/s.

In work [7], the authors obtained the Al8Zn7Ni3Mg hypereutectic alloy, combining an Al-8%
Zn-3% Mg matrix reinforced by an Al3Ni intermetallic compound. The specified structure of the alloy
was obtained by changing the cooling rate in the range from 0.1 K/s to 2.3 × 105 K/s. It was shown that
an increase in the cooling rate made it possible to grind intermetallic compounds in the alloy, the size
of which was 50 nm, at a cooling rate of 105 K/s. At the same time, the hardness of the alloy increased
to 220 HV.

In work [8], the aluminum alloy containing 0.6 wt.% Zr, 0.4% Fe and 0.4% Si was obtained by
electromagnetic casting at a high cooling rate (140 K/s). The subsequent procedure of direct cold
drawing was used to synthesize Al3Zr nanoparticles in the alloy with a uniform distribution in the
matrix and an average size not exceeding 10 nm. The composite wire sample obtained by the authors
had a tensile strength and electrical conductivity of 234 MPa and 55.6 IACS, respectively.

A study of the process of treating commercially pure titanium by friction with stirring using a tool
made of a nickel-based superalloy ZhS6U was presented in [9]. It was found that the transfer layer in
titanium contained chemical elements of the ZhS6U alloy. After such treatment, the tensile strength of
commercially pure titanium increased by 25%.

In work [10], an experiment was carried out on friction stir welding of a sheet made of a fine-grain
Al-Mg-Sc-Zr alloy to study the peculiarities of the plasticized metal flow and microstructural evolution.
It was shown that the stir zone macrostructure might contain either a single or many nugget zones,
depending on sheet thickness and the seam length. Despite the finer-grained structure, the hardness of
the welded seam was lower than the hardness of the base alloy, and the tensile strength of the welded
seam was comparable to the tensile strength of the base alloy.

The structural phase characteristics of the friction-treated Al-Cu alloy zone were studied in [11].
The presence of Al2Cu, Al2Cu3, AlCu3, Al2MgCu, etc. intermetallic phases with a nonuniform
distribution over volume and size was revealed.

In work [12], the structural and phase states of the TiAl system alloyed with rare earth metals were
studied. Tantalum, yttrium and dysprosium were used as additives. It was found that the studied
systems Ti(49 at.%)–Al(49 at.%) with additions of Ta, Y and Dy contained intermetallic compounds
consisting of AlTi3, TiAl in hexagonal, tetragonal and triclinic forms.

3. Conclusions and Outlook

Future development of new casting methods and techniques for local control of crystallization of
light alloys will significantly change the approach to industrial production of high-tech and efficient
products. This will make it possible to create light alloys for specific structural elements of automobiles,
airplanes, etc., where a set of specific operational properties is required. There is also great interest
in joining new light alloys, including those with a composite structure, which also indicates the
widespread use of new light alloys.
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Implementation of this concept will create a strong demand for innovations in the field of new
light alloys and their casting and joining technologies, which are one of the leading topics in this
special issue. As a guest editor of this special issue, I am very pleased with the final result and hope
that these articles will be useful to both researchers and technologists working in the production and
processing of light alloys. I would like to express my gratitude to the authors for their contributions
and the reviewers who helped with the review process. I would also like to extend a special thanks to
the Metals Editor Office staff for working on the special issue.

Conflicts of Interest: The author declares no conflict of interest.
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Abstract: The structural state and the quantitative phase analysis of the TiAl system, alloyed with
rare-earth metals synthesized using hydride technology, were studied in this work. Using the Rietveld
method, the content of the major phases in the initial system Ti(50 at.%)–Al(50 at.%), as well as
Ti(49 at.%)–Al(49 at.%), with alloying additions Ta, Y and Dy having a high accuracy was determined.
The methods of scanning electron microscopy, transmission electron microscope and X-ray spectral
microanalysis of the local areas of the structure for studying the distribution of alloying elements
were used. The energies of lattices of separate phases were also determined after the full-profile
specification. All the lattices of the identified structures (about 30) turned out to be stable. It was
established that in the Ti(49 at.%)–Al(49 at.%) systems under study with alloying additions of metals
Ta, Y and Dy, there were intermetallides composed of AlTi3, TiAl in the hexagonal, tetragonal and
triclinic units. It is known that after microalloying alloys by Y and Dy metals, the mass fraction of
TiAl phases increases significantly (>70%).

Keywords: intermetallides; phase composition; microstructure; hydrides; TiAl system

1. Introduction

Intermetallic alloys based on γ-TiAl are a good example of the way basic and applied research
along with industrial development can lead to obtaining a new innovative class of advanced structural
materials [1–4]. Nowadays, intermetallic alloys based on the γ-TiAl phase are promising materials for
application in aeronautical engineering, owing to their attractive properties: high specific strength,
stiffness, creep resistance at temperatures of T = 600–800 ◦C, oxidation resistance and burn resistance
at temperatures up to T = 900 ◦C. In the temperature range of T = 20–800 ◦C, the specific modulus
of elasticity of these alloys is higher than that of the nickel by 30–50% [2]. It is supposed that in the
gas-turbine engine, light γ-TiAl alloys (ρ ≈ 4 g/cm3) will partially replace heat-resisting heavy nickel
alloys (ρ = 8–8.5 g/cm3), which will allow significant increases in its specific power characteristics
during a simultaneous decrease in the fuel consumption, carbon dioxide emissions and nosiness [4].

To achieve a certain combination of properties, it is necessary to optimize the chemical composition
and the microstructure [4–8]. Therefore, in the past two decades, the increased focus of researchers

Metals 2020, 10, 859; doi:10.3390/met10070859 www.mdpi.com/journal/metals5
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of γ-TiAl alloys has been on achieving an optimal combination of mechanical properties by varying
the elemental composition and the microstructure with various sizes of columns/grains and thickness
of plates. For that, a detailed work on the optimization of the composition and conditions of
thermomechanical/thermal treatment of the alloys is being performed.

In modern materials science, a new method of synthesis of binary and multicomponent alloys is
of interest, which is called a “hydride” technology (HT) [9]. Modern technologies of production of
alloys (mechanical alloying, arc smelting, powder metallurgy, etc.,) are associated with notable labor
intensity and hardware difficulties (application of a deep vacuum and creation of inert environment at
high temperatures, duration and multiplicity of processes, etc.). The powder metallurgy technique is
characterized by a special duration because the result of the interaction of metals in the initial mixtures
is mainly determined by solid diffusion rates. The specific difficulties of obtaining quality alloys
are also associated with the presence of a dense oxide film on the surfaces of particles of refractory
metals, which prevents the passage of mutual diffusion. The HT method allows the avoidance of
the majority of them (in particular, it excludes melting). HT is a high-tech method based on the
combination of self-propagating high-temperature synthesis SHS of transition metal hydrides and
heat treatment of a mixture of hydrides, resulting in alloy formation [10–12]. In the HT method, to
obtain high-strength alloys based on transition metals, the powders of hydrides of refractory metals
and alloys are used as initial materials. The essence of HT consists of the successive use of processes of
hydrides synthesis, their combined compacting and dehydration. The advantage of HT is that the
alloy is formed at a relatively low temperature (from 900 to 1150 ◦C) during rapid exposition (from 1 to
2 h). It is important that metals with different values of melting temperature and density should alloy
without melting [10–12]. Other advantages of the method are relative cheapness, the use of refractory
materials, as well as obtaining materials with high purity. It is also known that the formation of metal
alloys can be carried out easier from hydrides than from metals themselves, since chemical bonds in
hydrides are less strong than bonds in metal structures [11,12].

It is well known that the compaction of the alloy structure is one of the most effective ways
of improvement of strength and plasticity of the materials. Alloying was demonstrated as a viable
approach to enhance the mechanical properties of TiAl alloys at room temperature through improving
the materials microstructure [13,14].

To improve the mechanical properties of γ-TiAl alloys, their alloying with rare-earth elements is of
interest. It is known that [15–17] the introduction of rare-earth elements (La, Er and Dy) into titanium
and intermetallic alloys based on γ-TiAl can lead to the improvement in machinability in the as-cast
state, owing to refinement of the structure, to increased heat-resistance and refractoriness, and in the
γ-TiAl alloys, in some cases, to the enhancement of the technological plasticity at elevated temperatures.

Previous studies supposed that the addition of yttrium [18] and gadolinium [19–22] could
significantly reduce the grain sizes and lamellar spaces of TiAl alloys, enhance strength and plasticity
at room temperature, as well as creep resistance at high temperatures. However, the mechanisms of
microstructure refinement in the rare-earth metals-modified (REM-modified) TiAl alloys were studied
insufficiently because of the complex succession of solidification and solid-phase transformations
of TiAl during thermal treatment and cooling [23]. Systematic data on the influence of additions of
rare-earth elements on the structure and mechanical properties of γ-TiAl alloys in the literature are
practically not presented.

Thus, the development of the methods for producing high-strength alloys of the TiAl system, the
study of the dependence of the structural phase state on the synthesis parameters, and the study of the
effect of various modifying additives on the physical and mechanical properties is an actual task.

The purpose of the present work is the development of the basics of hydride technology for the
production of TiAl alloys and the study of the influence of alloying additions Ta, Y and Dy on the
microstructure and the phase composition of the titanium–aluminum system obtained by the HT
method. The Ti(50 at.%)–Al(50 at.%) system has been accepted as a basis of the composite material
with REM additions of no more than 2 at.%.
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2. Materials and Methods

2.1. Obtaining Alloys

Samples with the following selected atomic compositions were prepared TA (TiAl); TAT (TiAlTa);
TAY (TiAlY); TAD (TiAlDy). Sample TA was prepared as follows: a weighed amount of the titanium
was placed in a quartz boat and heated in a furnace (Nabertherm RS 120/750/13, Lilienthal, Germany)
in a stream of the hydrogen. The heating rate of the furnace was 10 ◦C/min to 450 ◦C, with a hydrogen
volume flow of 500 mL/min.

This sample was cured for 3 h at this temperature; after that, it was cooled down to room
temperature. The obtained metal hydrides were mixed with a nanodispersed aluminum powder
(the average size of particles was 115 ± 10 nm, specific surface area—19.4 ± 3 m2/g, loading of active
aluminum—80.8± 0.6%). Then, the mixture was pressed into a round plate and was formed (collapsible
compression mold, Lab Tools, diameter of 13 mm, thickness of 2 mm), pressing load was under a
pressure of 5.3 tons/sm2, bulk density was 3 g/sm3 (Lab Tools PAH-20, 2019, St. Petersburg, Russia)).
The equation for obtaining the TA sample can be written as:

Ti + H2 = TiH2 + 27.3 kcal/mole (1)

The TAT sample was prepared as follows: a weighed amount of the tantalum was placed in a
quartz boat and heated in a furnace (Nabertherm RS 120/750/13, Lilienthal, Germany) in a stream of
the hydrogen. The heating rate of the furnace was 10 ◦C/min to 550 ◦C, with a hydrogen volume flow
of 500 mL/min. This sample was cured for 3 h at this temperature; after that, it was cooled down to
room temperature. The equation for the production of titanium hydride can be written as:

2Ta + H2 = 2TaH + 56 kcal/mole (2)

Titanium hydride was obtained as in the case of sample TA. Then, the obtained titanium
hydride and tantalum hydride were mixed with a nanodispersed aluminum powder (according to the
manufacturer, the average size of the particles was 115 ± 10 nm, specific surface area—19.4 ± 3 m2/g,
loading of active aluminum—80.8 ± 0.6%). Then, the mixture is pressed similar to TA.

Samples of TAY and TAD were obtained similarly to the method of obtaining TAT. The temperature
for yttrium hydride and dysprosium hydride was 420 ◦C. The equation for obtaining a TAY sample
can be written as:

Y + H2 = YH2 + 56 kcal/mole (3)

2Y + 3H2 = 2YH3 + 21.5 kcal/mole (4)

The equation for the preparation of dysprosium hydride can be written as:

2Dy + 3H2 = 2DyH3 (5)

The obtained sample blanks were obtained in a vacuum unit and heated to a temperature of
1150 ◦C, with a heating rate of 2 ◦C/min. The vacuum value was 10−4 atm. They were maintained
under these conditions for 3 h and cooled at a rate of 5 ◦C/min.

The equations for obtaining samples TA, TAT, TAY and TAD can be written as:

TiH2 + Al = TiAl + 2H2↑ (6)

2TiH2 + 2Al + 2TaH = 2TiAlTa + 3H2↑ (7)

TiH2 + Al + YH2 = TiAlY + 2H2↑ (8)

2TiH2 + 2Al + 2DyH3 = 2TiAlDy + 5H2↑ (9)

7
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2.2. Research Methods

The structural state and the quantitative phase analysis of the system TiAl-alloying metal (TA-REM),
synthesized by HT, were studied in this work by the Rietveld method and scanning electron microscopy
(SEM) [24,25]. Ta, Y and Dy metals were used as alloying additions. The X-ray diffraction studies of
the TA-REM system were undertaken using DRON4-07 (Bourevestnik, St. Petersburg, Russia), which
was modified for the digital processing of the signal. Spectra were made using copper radiation (Ka)
according to the Bragg–Brentano scheme with an increment of 0.02◦, exposure time at a point of 1 sec
and in the angle range of 10–86◦. The voltage on the X-ray tube was 30 kV, beam current—25 mA.
The structural state and the quantitative content of the phases were identified by the Rietveld method
by means of reflex [26–29]. As the standard lattices, the crystallographic data of the COD base [26]
and the model structures of the TiAl system, predicted by the program code USPEX with the interface
shell SIESTA [30], were used. In connection with the promising physicochemical properties of the TiAl
systems, they were alloyed with metal additions [24–34]. In this work, the search for standards of the
TiAl system was supplemented by the USPEX program with the outer shell SIESTA [31,35,36].

To study the distribution of alloying elements in the structure at the local level, the quantitative
X-ray spectral microanalysis of the near-surface layer, accompanied by the analysis of the microstructure
and the morphology of the surface by the method of scanning electron microscopy, was carried out
using the X-ray fluorescence spectral analyzer S4 Pioneer (Bruker, Karlsruhe, Germany) and the raster
electron microscope “LEOEVO 50” (Zeiss, Oberkochen, Germany).

Electron microscope studies of the surface microstructure of TA-REM samples were conducted
using the transmission electron microscope “JEM-2100F” (JEOL, Tokyo, Japan) with accelerating
voltage of 200 kV using the attachment “JEOL” (JEOL, Tokyo, Japan), intended for energy-dispersive
spectral analysis. The phases were identified applying well-known procedures using schemes of
microdiffraction patterns calculated by the table values of parameters of crystalline lattices.

3. Results and Discussion

The USPEX-SIESTA program by means of the evolution code can predict stable structures of the
known elemental composition, space group, among which the structures with the global minimum
of enthalpy of the system are predicted. In the present work, the TiAl structures were used for the
quantitative phase analysis. For the discovered structures (about 30) based on complete structural
information, the energies of lattices were calculated proceeding from the first principles. All the lattices
turned out to be stable and they were used at the next stage for qualitative and quantitative phase
analysis by the Rietveld method. In Tables 1–5, there are standards in the initial state, obtained from the
COD base (AlTi3, AlTi), as well as the structure predicted by means of the USPEX code (TiAl-Struct2,
AlTi3-2768). For the alloy with the conventional designation TiAl-Struct2, AlTi3-2768, the energy was
calculated in the framework of the electron density functional by the gradient pseudo potential of
electron density (GGA). The details of the code are given in the work of reference [26]. The total
energy of the lattices was determined at 0 K. Wave functions of valence electrons of TiAl-Struct2
atoms were analyzed on the basis of flat waves with a cutoff radius of kinetic energy of 330 eV. In this
case, the convergence of the total energy was ~ 0.5 × 10−6 eV/atom. It was established that the lattice
energy after geometric optimization turned out to be equal to ETiAl-Struct11 = −4978.555 eV, and in the
initial state −4976.099 eV. The final enthalpy of the TiAl-Struct2 structure in both cases is evidence
of its stability. TiAl lattices (AlTi3-2768) with Y, Ta and Dy additives (Tables 2–4) also turn out to be
stable, and the lattice energies are substantially negative. In this work, based on the results of the
qualitative phase analysis of the TA-REM system, it was suggested that the REM nanoadditions were
embedded into the interstitial site [0.5 0.5 0.5] of the lattice of the AlTi3 alloy. Quantum chemical
calculations of the AlTi3 energy in the initial state, as well as with the embedded nanoadditions in the
mentioned site, were made. It was established that: EAlTi3 = −19,318.285 eV; EAlTi3-Y = −19,712.792 eV;
EAlTi3-Ta = −19,613.620 eV; EAlTi3-Dy = −31,227.561 eV.
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The calculations are evidence of the fact that the introduction of the alloying metals into the
indicated interstitial site is possible and it leads to the significant stabilizing effect of the lattices
in each TA-REM system without exception. In fact, the binding energy of (|EAlTi3|) atoms in the
lattices accompanied by the addition of the alloying metal increased significantly. It is interesting
to note that the increase in the binding energy is accompanied by significant polarization of the
Millikan charges [37,38]. The Millikan charges in the metal additions are equal: [(−5.96)Y], [(−4.42)Ta],
[(+0.73)Dy], but on the atoms of the main elements—[(−0.16)Al, (+1.540)Ti], [(−0.35)Al, (+1.22)Ti],
[(−0.13)Al, (−0.12)Ti], [(−0.17)Al, (−0.13)Ti] in ternary compounds TAT, TAY and TAD, respectively.
The analysis of distances between atoms of the main elements and additions showed that these
distances were significantly less than the sum of the covalent radii of free elements Ti and Al, and Ta, Y
and Dy, which are equal, respectively, to 1.6, 1.21, 1.7, 1.90, 1.92Å [39]. For instance, in the TAT system,
the lengths of bonds TiTa and AlTa are equal to 2.030 and 2.031 Å, respectively. Polarization of the
charges is indicative of the growth in the share of the covalent bond as a result of introduction of the
alloying metals.

The results of the quantitative content of phases in the studied systems are given in Tables 1–4.
The tables show the phases, the structural state of the phases before (Init) and after (Spec) the Rietveld
refinement of the experimental diffractograms, the corresponding lattice parameters, the lattice volume
(V), the space group, the fraction of the individual phases (Share) and the lattice energy after refinement
by the Rietveld method (E). The tables also show the fraction of the calculated integrated intensity
(Rwp) in the experimental diffractogram. The analysis of the contributions into the integral intensity of
separate phases (Table 1, Figure 1) showed that to a high degree of reliability (Rwp < 7.2%), the major
phases were intermetallides AlTi3, AlTi3-REM, AlTi and TA-Struct2 in the initial and optimized states.
The experimental diffraction patterns of the TA, TAT, TAY and TAD systems can be approximated well
by the calculated integral intensity; the difference between them is an insignificant value (Figure 1).
However, as Tables 1–4 show, the contributions of separate phases differ in different systems. Using
the Rietveld method, it is established that in the TA system, the contribution of the triclinic TiAl
system (over 73%) predominates. Both lattices differ by parameters, atoms coordinates, as well as
the volume (Table 1). The number of the main systems also includes the hexagonal lattice of AlTi3
(22.33%). The introduction of an insignificant amount of Ta, Y and Dy leads to the redistribution of
the contributions of the hexagonal and triclinic systems. In the TA-REM systems, the contribution
of the geometrically optimized lattice (TA-Struct2-GeomOpt) disappears, and the phase with the
AlTi tetragonal lattice appears (Tables 2–4). The introduction of Ta into the AlTi3 lattice significantly
increases its binding energy and stimulates the contribution to the integral intensity up to 26.99%. On
the contrary, in the TAY and TAD systems, additions Y and Dy lead to the reduction in the share of
AlTi3 to 16.66, 4.78 and 11.20%, respectively. The share of phases and the energy of the lattices allow
evaluation of the effective energy of the TA, TAT, TAY and TAD systems according to the formula
αE1+βE2+γE3, where α, β, γ—the share of phases; E1, E2, E3—the energy of the lattices of separate
phases. It was established that the energies of the mentioned systems were equal to−7907.453, −5407.31,
−7341.104, −21,188.219 and −15,920.023 eV, respectively.

Figure 1. 3D lattice of the AlTi3 alloy with the Y atom embedded in the site [0.5 0.5 0.5].
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The relative coordinates of the atoms and isotropic parameters of displacements are given in
Tables 5 and 6). The lattice parameters and space group are shown in Tables 1–4.

Table 6. Relative atomic coordinates in the AlTi lattice (AlTi3-2768) with an embedded atom Dy, Ta
and Y.

Element x y z U_iso Occupancy

Ti 0.833 0.167 0.25 0.0127 1

Al 0.333 0.667 0.25 0.0127 1

Dy; Ta; Y 0.5 0.5 0.5 0.0127 1

Figure 2 shows the results of the observed and calculated intensities of the initial alloy and alloys
obtained by doping with rare-earth metals. X-ray phase analysis of the samples obtained by doping
with rare-earth metals showed that they have a complex multiphase structure: the initial components
(Ti, Al) and the new phases—intermetallic phases AlTi3, AlTi3–REM, AlTi, TiAl-Struct2—in the initial
and optimized states were identified.

 
(a) TA (b) TA  

  
(c) TAY  (d) TAY  

  
(e) TAT  (f) TAT  

  
(g) TAD  (h) TAD  

Figure 2. Diffraction patterns of alloys TA (a,b); TAY (c,d); TAT (e,f); TAD (g,h): 1—experiment,
2—summary model intensity, 3—difference between intensities, 4–6—contributions to the integral
intensity of separate phases.
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The study of the microstructure showed that the base of the material was the alloy of titanium
and aluminum with a small quantity of alloying metals (no more than 2 at.%). The ratio between the
atomic concentrations of Al and Ti is close to the initial 1:1 (Figure 3). The spectra of characteristic
X-ray radiation are also given in Figure 3.

As a result of the quantitative analysis, it was established that the matrix of the TAY alloy on
average had a composition in mass percent: 29.60% of Al and 68.35% of Ti, which corresponds to the
intermetallide phase α2-Ti3Al according to the stoichiometric ratio (Figure 3a). The elemental analysis
of the TAT and TAD alloys (Figure 3b,c) also revealed the presence of titanium aluminide α2-Ti3Al.
This agrees with the results obtained in the works [40,41]. It was established that the microstructure of
the rest of the alloys was also characterized by the formation of the α2-Ti3Al intermetallide.

The choice of these metals as alloying microadditions in the alloys under study is conditioned by
a number of positive effects. In particular, metals as an effective modifier of the cast structure [15–22]
possess an increased affinity with oxygen, which in turn leads to a substantial decrease in the amount
of oxygen in the alloy and, as a consequence, to an increase in low-temperature plasticity because of
the reduction in the number of barriers in the form of oxygen atoms, which decelerate the dislocations
motion during deformation.

The X-ray phase analysis results of the initial intermetallic alloy TA showed that the basic
thermodynamically stable phases were intermetallide compounds Ti3Al, TiAl, TiAl2 and a solid
aluminum solution in titanium α-Ti (Table 7).

(a) (b) 

 
(c) 

Figure 3. EDX-spectra and elemental composition of the TAY (a), TAT (b) and TAD (c) alloys.
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Table 7. Crystallographic data of phases in the system TA.

Composition
Space
Group

Syngony CSR Volume,
Åˆ3

Weight
Fraction, %

Lattice Parameters, Å

a b c

TiAl P4/mmm tetragonal 33 ± 5 38.4 2.8234 2.8234 4.0768

Ti3Al P63/mmc tetragonal 134 ± 5 25.2 5.7671 5.7671 4.64646

α-Ti C6/mmc hexagonal 31 ± 5 18.0 2.9253 2.9253 4.6184

TiAl2 C/mmm rhombic 195 ± 5 11.8 12.0187 4.0232 4.0253

Ti5Al11 P/mmm rhombic 261 ± 5 8.3 3.9522 3.9522 17.3119

Ti3Al5 P/mmm rhombic 61 ± 5 2.9 3.8675 3.8212 4.1445

Ti2Al5 P4/mmm tetragonal 440 ± 5 2.5 3.8164 3.8164 30.1785

A small fraction of the sample consists of the following intermediate phases having practically
constant chemical compositions: Ti5Al11, Ti3Al5, TiAl2, Ti2Al5. The X-ray phase analysis (XPA)
results are confirmed by TEM studies. The TEM studies showed that, before the introduction of
rare-earth metals, in the initial state, the TA alloy contained phases Ti3Al, TiAl, TiAl2, α-Ti, Ti5Al11

and Ti3Al5 (Figure 4e). Consequently, the obtained TA alloy has a complex multiphase structure, as it
contains a number of phases with different crystal lattices. This fact confirms a possibility of obtaining
intermetallic alloys by hydride technology.

 

Figure 4. Electron microscope images of the matrix of the initial alloy TA: (a) bright-field image;
(b) microdiffraction pattern; (c), (d) dark-field images in reflexes, marked by arrows; (e) microdiffraction
pattern identification.

First of all, the obtained studies of the microstructure confirmed the formation of Ti3Al and TiAl
phases. The Ti3Al phase is an ordered phase with a D019 superstructure having an HCP crystal
lattice; its space group is P63/mmc. Ti3Al is formed as parallel lamellar precipitates (Figure 4a).
The intermetallide Ti3Al and TiAl phases under formation are microdimensional, which is evident
owing to the dark-field images (Figure 4c,d). The presence of Ti3Al and TiAl is associated with
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thermodynamics of the phases’ formations. The formation of these phases is characterized by a
minimum of Gibbs energy [42]. The existence of these intermetallide phases must result in significant
alloy strengthening [6,43,44].

A layer-by-layer location of intermetallide phases—that is, alternation by the composition—is
possible. Thus, using hydride technology allows for obtaining of complex sandwich structures. Owing
to alternation of intermetallide phases, it becomes possible to obtain super strong materials, where
each layer strengthens the previous one.

To predict the composition of the formed phases when microalloying the TiAl alloys with rare-earth
metals, ternary diagrams of the corresponding ternary systems were considered. The analysis of the
TiAlY ternary diagram of the partial isothermal cross-section at 1000 ◦C shows that the content of
the Ti:Al:Y = 49:49:2 components corresponds to the highlighted area of formation of γ-TiAl + YAl2
phases (Figure 5). The ternary diagram of the TiAlTa system at 1100 ◦C implies that at a ratio of
Ti:Al:Ta = 49:49:2 components the TiAl phase is formed (Figure 5c). According to the ternary diagram,
TiAlDy at a ratio of components Ti:Al:Dy = 49:49:2, the formation of the area, where DyAl2 + TiAl
phases are present, can be expected (Figure 5b).

 
Figure 5. Isothermal cross-sections of the TiAlY system at 1000 ◦C [45] (a), of the TiAlDy system at
500 ◦C [46] (b), of the TiAlTa system at 1100 ◦C [47] (c).
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The X-ray phase analysis of the samples, obtained during alloying with yttrium, is given in Table 8.

Table 8. Crystallographic data of phases in the TAY system.

Composition
Space
Group

Syngony CSR Volume,
Åˆ3

Weight
Fraction, %

Lattice Parameters, Å

a b c

Ti3Al5 P/mmm rhombic 65 ± 5 70.3 4.0040 4.0049 4.0710

Ti3Al P63/mmc tetragonal 134 ± 5 18.3 5.7661 5.7661 4.6371

Al Fm-3m cubic 66 ± 5 8.6 4.0311 4.0311 4.0311

α-Ti P63/mmc hexagonal 31 ± 5 1.4 2.9186 2.9186 4.6006

TiAl P4/mmm tetragonal 40 ± 5 1.2 2.7453 2.7453 5.3402

Y P63/mmc hexagonal 67± 5 0.3 3.6689 3.6689 5.7302

According to the XPA data, the TAY alloy contains the basic Ti3Al5 phase. The Ti3Al5 phase has a
rhombic crystal lattice and the space group P/mmm. Along with the Ti3Al5 grains, the structure of the
alloy contains a small number of grains of the Ti3Al phase, having an HCP crystal lattice and the space
group P63/mmc. A small fraction belongs to phases TiAl, Al, α-Ti and Y.

Figure 6 presents electron microscope images of the TAY alloy. On the microdiffraction pattern
(Figure 6b), there are reflexes belonging to planes (110) and (201) TiAl; (101), (200), (302), (411) Ti3Al;
(400) Ti3Al5; (311) YAl2; (100) α−Ti; (200) Al. Thus, the XPA results are confirmed by TEM.

 

Figure 6. Electron microscope images of the TAY alloy: (a) bright-field image; (b) microdiffraction
pattern; (c,d) dark-field images in reflexes, marked by arrows; (e) microdiffraction pattern identification.

Figure 7 presents TEM images of the depositions of yttrium particles of different shapes inside the
grain of titanium aluminide. According to the TEM results, yttrium and Al form the YAl2 intermetallide
in intermetallide phases and are located on dislocations or on grain boundaries.
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Figure 7. TAY alloy microstructure.

The X-ray phase analysis of the samples obtained when alloying with dysprosium (TAD) and
tantalum (TAT) showed that these alloys had a complex multiphase structure: initial components Al,
α-Ti and new phases—intermetallide phases TiAl, Ti3Al, Ti5Al11, Ti3Al5—were identified (Table 9).
The basic phase of the TAD alloy is the TiAl phase, which has an ordered tetragonal-distorted
face-centered structure and the P4/mmm space group.

Table 9. Crystallographic data of phases in the TAD and TAT systems.

Alloy Composition
Space
Group

Syngony
Weight

Fraction, %
Alloy Composition

Space
Group

Syngony
Weight

Fraction, %

TAD

TiAl P4/mmm tetragonal 74.3

TAT

TiAl P4/mmm tetragonal 30.1

Ti3Al5 P/mmm rhombic 10.9 Ti3Al P63/mmc tetragonal 22.9

TiAl2 C/mmm rhombic 5.0 Ti3Al5 P/mmm rhombic 26.4

Al Fm-3m cubic 3.9 Ti5Al11 P/mmm rhombic 3.9

Ti5Al11 I4/mmm rhombic 1.4 α-Ti P63/mmc hexagonal 3.9

α-Ti P63/mmc hexagonal 1.4 TaAl3 F-43m cubic 2.8

Dy P63/mmc hexagonal 1,6 Ti2Al5 P4/mmm tetragonal 1.9

The results of the X-ray phase analysis of the TAT alloy showed that in the alloy, the main share
belonged to intermetallide phases: 30.1% of titanium aluminide TiAl of tetragonal syngony with the
space group P4/mmm; 22.9% of the Ti3Al phase, having a space-centered lattice of tetragonal syngony
with the space group P63/mmc; 26.4% of the Ti3Al5 phase with the space group P/mmm (Table 9).
The smallest share belongs to 1.9% of Ti2Al5 with the space group P4/mmm and 3.9% of Ti5Al11 with
the space group P/mmm. In addition, the intermetallide of tantalum and aluminum (Ta161,8Al282,2) is
present in the sample.

The results of the X-ray phase analysis of the TiAlDy alloy are confirmed by the TEM results
(Figure 8). On the microdiffraction pattern there are reflexes belonging to planes (002), (004), (402),
(413) TiAl; (600), (203) and (423) Ti3Al; (312) TiAl2; (008) Ti5Al11; (511) Al; (300) α-Ti; (551) DyAl2.

Figure 9 shows the electron microscope images of the TAT alloy. According to the microdiffraction
analysis in the layers of the TAT alloy, there are the following intermetallide phases with reflexes
belonging to planes (312), (412) TiA; (110), (402) and (210) Ti3Al; (311), (440) Ti3Al5; (314) Ti5Al11; (103)
α-Ti; (008) and (215) TaAl3.
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Figure 8. Electron microscope images of the TAD alloy: (a) bright-field image; (b) microdiffraction
pattern; (c) dark-field images in the reflex; (d) microdiffraction pattern identification.

 

Figure 9. Electron microscope images of the TAT alloy: (a) bright-field image; (b) microdiffraction
pattern; (c) dark-field image in reflex; (d) microdiffraction pattern identification.

Thus, the TEM studies confirmed the formation of a number of phases of titanium aluminide.
The tantalum compounds indicated by the XPA method probably remain in the volume of the sample,
but only TaAl3 is present in the film structure.

As Ti and Ta have significant solubility in Al, Ta can form a solid substitutional solution in titanium
and contribute to formation of the Widmanstatten microstructure. In addition, it is well known that
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the TaAl system also dissolves Ti (Ti aluminide) by as much as 60 at.%. Aluminides TiAl and Ti3Al
dissolve Ta (Ta aluminide) up to 10 and 15 at.%, respectively [47–49]. The TEM research results comply
with the data of the X-ray phase analysis, which imply that an insignificant amount of Ta dissolves in
the crystals of TiAl and Ti3Al and are present in the (Ti,Ta)Al3 phase.

Thus, the XPA and TEM studies have shown that the formed solid solution based on titanium and
the alloys under study have particles of the new phase in their structure. It is also well known that
after microalloying of the alloys with metals Y and Dy, the mass fraction of the TiAl phases increases
significantly (>70%). A distribution of tantalum in the titanium–aluminum matrix is evidence of the
possibility of the formation of the three component system (Ti,Ta)Al3 [47–49]. Alloying metals, Y and
Dy, form a compound with aluminum; they are applied as a dispersion phase and strengthen the alloy
structure by the introduction of the second phase into the metal matrix in the form of a high-melting
compound. If YAl2 is located on the dislocations or on the grain boundaries, DyAl2 is chaotically
distributed in the grain volume.

4. Conclusions

The composite materials based on gamma-aluminides of titanium TiAl-REM were obtained by a
new method—“hydride technology”. The content of the major phases in the initial TA system, as well
as TA-REM, containing microadditions Ta, Y and Dy, was determined by the Rietveld method with
high reliability.

1. It was established that in the initial TA system and in the TA-REM system, containing
microadditions, TiAl predominate in tetragonal and triclinic units. It was established that the used
initial standard lattices, as well as the structures after the full-profile specification, were in the
stable states.

2. The results of X-ray phase analysis are confirmed by the results of TEM. It is known that after
microalloying alloys by Y and Dy metals, the mass fraction of TiAl phases increases significantly
(>70%).

3. From the results of X-ray phase analysis and TEM studies, it follows that an insignificant
amount of Ta dissolves in the crystals of TiAl and Ti3Al and are present in the (Ti,Ta)Al3 phase. This
fact indicates the possibility of the formation of a three component system (Ti, Ta)Al3.
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Abstract: The majority of literature sources dedicated to dissimilar Al-Cu friction stir welding
testifies to the formation of intermetallic compounds (IMC) according to diffusion-controlled reactions,
i.e., without liquation on the Al/Cu interfaces. Fewer sources report on revealing Al-Cu eutectics,
i.e., that IMCs are formed with the presence of the liquid phase. This work is an attempt to fill the gap
in the results and find out the reasons behind such a difference. Structural-phase characteristics of an
in-situ friction stir processed (FSP) Al-Cu zone were studied. The single-pass FSPed stir zone (SZ) was
characterized by the presence of IMCs such as Al2Cu, Al2Cu3, AlCu3, Al2MgCu, whose distribution
in the SZ was extremely inhomogeneous. The advancing side SZ contained large IMC particles as
well as Al(Mg,Cu) solid solution (SS) dendrites and Al-Al2Cu eutectics. The retreating side SZ was
composed of Al-Cu solid solution layered structures and smaller IMCs. Such a difference may be
explained by different levels of heat input with respect to the SZ sides as well as by using lap FSP
instead of the butt one.

Keywords: in-situ friction stir process; aluminum alloys; Al-Cu metallomatrix composite; intermetallic
compounds; diffusion-controlled reactions; Al-Cu eutectics

1. Introduction

Metallomatrix composite surface materials modified using friction stir processing (FSP) are
state-of-the-art materials, which are intended to combine high strength, wear resistance with high
ductility and fatigue resistance of a core metal such as an aluminum alloy [1]. The FSP was originally a
process used for surface structural modification, i.e., grain refining, which then was adapted to prepare
the metallic matrix composites (MMC) surface coatings by means of introducing various reinforcement
particles and admixing them to the matrix metal [1–10]. The FSP utilizes the friction-generated heat
for plasticizing the matrix metal, which then is transferred to the rear zone by means of tool rotation
and translational motion. The plasticized metal flows along a rather complex trajectory and its
adhesion to the tool plays a great role in the metal transfer and stirring. The intense stirring serves to
ensure homogeneous distribution of hard particles throughout the stir zone (SZ), and the FSP process
parameters such as tool rotation rate and travel speed can be varied to find an optimal degree of mixing
as well as temperature conditions.

The hard particles may be introduced into the stirred metal directly [7–9,11–13] or form in-situ
inside the metal [14–18] by means of solid-state reactions between the admixed components, between
the admixed components and the matrix or between the dissimilar metals processed. The FSP
preparation of hybrid composites with the use of in-situ reactions shows up some advantages over
those obtained using commercially available reinforcement particles. The first advantage is that in-situ
reactions allow us to obtain finer and more homogeneously distributed reinforcing particles [17].
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The second advantage is that either coherent or semicoherent boundaries may form between these
in-situ prepared particles and the matrix [10,15,19] and therefore more thermodynamically stable and
strong particle/matrix interfaces are feasible [20]. The literature sources were analyzed to show that
many experimental compositions such as Al7075-Ti-6Al-4V [14]; Al1050-Ni-Ti-C [15]; Al-SiC [15,21];
Al6061-Fly ash [18]; Al1050-Fe2O3-Al [17]; Al-1050-Cu [16]; Al-Ni; Al-Nb [22]; Al-graphene [13,21,22]
were subjected to FSP in order to prepare the in-situ MMCs.

Commonly, copper is one of the widely used and efficient metals to carry out FSP on aluminum
alloys and thus obtain the MMCs reinforced with Al-Cu intermetallic particles [23]. Intermetallic
Cu-Al particle reinforced MMCs may be fabricated using friction stir welding (FSW) on dissimilar
metals [24–27], multilayer friction stir brazing [28], die-casting, powder metallurgy, etc.

The effect of different tool configurations on friction heat generation, metal flow and formation of
intermetallic layers was studied in friction stir spot welding of dissimilar Cu and Al metals [24]. It was
shown that thin intermetallic layers were formed from compounds such as CuAl2, CuAl and Al4Cu9.
Intermetallic compound layers consisting of CuAl2 and Al4Cu9 were found at the Cu-Al boundaries
along with hot cracking during butt friction stir welding of Cu and Al [25].

AA6061-T6 plates were welded with a copper plate inserted in the butt line between two AA6061
plates and the resulting stir zone structure contained CuAl2 and Al4Cu9 intermetallic particles [26].
Both intermetallic particles and interlayers were formed during butt FSW on Cu and Al plates [27].
Ultrasound treatment was used to reduce the thickness of intermetallic layers formed with FSW [29].

Only a few publications were devoted to obtaining the Al-Cu composites using the FSP admixing
the Cu powder. Hsu et al. [30] demonstrated that homogeneous Al-Al2Cu MMC with Young modulus
88 ± 8 GPa, yield stress 450 MPa, ultimate stress 650 MPa and 0.15 plasticity may be obtained using
FSP on Al-15 at.% Cu green samples compacted at 225 MPa.

It has been reported [16] that when pure copper powders were FSP admixed to aluminum plates
at the tool travel speed 1.66 mm/s and rotation rate 750 rpm, the resulting intermetallic particles were
CuAl2 ones. Increasing the FSP pass number and, in particular, the FSP tool rotation rate to 1000 and
even to 1500 rpm resulted in precipitation of mainly Al-Cu and Al4Cu9 intermetallics. On the contrary,
only Al2Cu precipitates were found in the aluminum irrespective of the FSP pass number [31].

This work was focused on studying the specificity of in-situ synthesis of Al-Cu intermetallic
particles by means of lap FSP on a copper and aluminum alloy.

2. Materials and Methods

The hot-rolled AA5056 sheets were cut into 200 mm × 60 mm × 5 mm samples. C11000 copper
sheets were cut into 200 mm × 60 mm × 2 mm samples. Chemical compositions of the alloy and copper
sheets are shown in Table 1.

Table 1. Chemical composition of A5056 and C11000 plates.

Plates
Chemical Element, wt.%.

Al Mg Fe Si Mn Cu Zn Ti Ni Pb As

A5056 91.9–94.6 4.8–5.8 <0.5 <0.5 0.5–0.8 <0.1 <0.2 <0.02–0.1 - - -
C11000 - - <0.005 - - 99.9 <0.004 - <0.002 <0.005 <0.002

Friction stir processing was carried out with the use of the FSW machine (Sespel, Cheboksary,
Russian) at the Institute of Strength Physics and Materials Science of Siberian Branch of Russian
Academy of Sciences (Tomsk, Russian) (Figure 1). A truncated cone flute FSW tool with a 2.5 mm
height pin and top and bottom diameters of 6 and 4 mm, respectively, was used. The tool shoulder
diameter was 12 mm. The FSW tool inclination angle was 3◦. The FSW parameters were as follows:
rotation rate 500 rpm, travel speed 90 mm/min, plunging force 12,000 N. This set of parameters was
found to be optimal as follows from previous experimenting [32]. The FSW tool penetration was
2.5 mm.
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(a) (b) 

Figure 1. Scheme of FSP on C11000/A5056 sandwich (a) and single-pass FSP seams (b).

The FSPed samples were cut using electric dischage method (EDM) in planes perpendicular to
the joint centerline to obtain specimens for examination and tests (Figure 1a). The microstructural
evolution was examined on polished and etched section views prepared according to ASTM standards
and visualized using optical microscopes Altami Met 1S (LLC Altami, Sankt Petersburg, Russian)
and Olympus LEXT 4100 (Olympus NDT, Inc., Waltham, MA, USA) as well as scanning electron
microscopy (SEM) and transmission electron microscopy (TEM) instruments Zeiss LEO EVO 50 (Carl
Zeiss, Oberkochen, Germany) and JEOL-2100 (JEOL Ltd., Akishima, Japan), respectively. The chemical
composition of precipitates was controlled using an EDS attachment to TEM.

The mean particle sizes were determined using the linear intercept method. Perfect stoichiometric
compound component ratios were used to identify intermetallics found in the stir zone and analyzed
with EDS. Using an X-ray diffraction (XRD) instrument XRD-7000S (Shimadzu, Kyoto, Japan) operated
at 35 kV, 24 mA, irradiation was applied for identifying the Al-Cu phases. Microhardness profiles were
obtained using a microhardness tester Duramin 5 (Struers A/S, Ballerup, Denmark) at 100 g load and a
dwell time of 10 s.

3. Results

The macrostructure view of the FSW seam cross-sectional area allows us to observe composite
structures in both the stirring zone (SZ) and thermomechanically affected zone (TMAZ) (Figure 2a).
Both central and bottom areas of the SZ located close to the advancing side of the seam reveal
discontinuities which may be shrinkage pores formed during the formation of Cu-Al intermetallics.
The stir zone is characterized by alternating Al/Cu layers in its bottom part (Figure 2b) as well as Al-Cu
solid solution and intermetallic compound (IMC) layers (Figure 2c). The large IMCs areas are seen on
the retreating side of the SZ (Figure 2a).

The XRD pattern in Figure 3 reveals the phases as follows: Al, Cu, Al2Cu, Al2Cu3, AlCu3,
Al2MgCu and thus suggests that in-situ Al-Cu reactions have occurred. Nevertheless, there are large
IMC-free areas composed of unreacted Cu and Al. Formation of Al2Cu IMCs on the Cu/Al interfaces
during FSW was noted in the majority of works dedicated to dissimilar FSW [24–27,29,30].
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Figure 2. The FSPed SZ cross-sectional zones and Cu-Al intermixed areas: 1—defects; 2—solid solution
(SS) areas; 3—IMC areas; 4—cracking at the advancing side; AS—advancing side; RS—retreating side;
(a) the SZ macrostructure; (b) alternating SS and IMC layers; (c)—aluminum inflow pattern.

Figure 3. The XRD pattern of the Cu-Al stirring zone metal.

The composite structure of Al-Cu SZ does not look structurally homogeneous since it includes
many different phases and microstructures (Figure 4).

The IMC layers formed at the Al/Cu interfaces on the Cu-rich side of SZ are composed of 2 to 5 μm
in size Al2Cu3 and AlCu3 IMCs (Figure 4a,d). The mean size of the Al2Cu3 and AlCu3 particles in
these IMCs is about 300 nm. The presence of these phases is confirmed by the results of XRD (Figure 3),
TEM (Figure 5) and EDS (Table 2, spectra 4–7).
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Figure 4. The SEM BSE images of SZ microstructures after a single-pass FSP on the Al-Cu sandwich:
(a) SS/IMC interface; (b) stir zone macrostructures; (c) column IMCs; (d) IMCs of different compositions;
(e) substrate/stir zone boundary; (f) mixed IMC + SS zone.

  
(a) (b) 

 
 

(c) (d) 

Figure 5. TEM images of SZ areas: Al-Cu interfaces with eutectics (a,b); EDS profile across the
Al2Cu/Cu transition zone (c); SAED pattern obtained from the area in Figure 5a and SAED reflection
identification (d); 1–15 are the EDS probe spots corresponding phases shown in Table 2.
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Table 2. Chemical compositions of phases shown in Figure 5.

No. Element Content, at.% Phase Formula Morphology

1
Al 69.8 Al2Cu Near-spherical
Cu 30.2

2
Al 71.3 Al2Cu rectangular
Cu 28.7

3
Al 72.9 Al2Cu plate
Cu 27.1

4
Al 46.6 Al2Cu3 irregular
Cu 53.4

5
Al 36.4 AlCu3 irregular
Cu 63.6

6
Al 36.8 AlCu3 irregular
Cu 63.2

7
Al 39.2 Al2Cu3 irregular
Cu 60.8

8
Mg 9.4

AlMg/
Al2Cu eutecticsAl 80.0

Cu 10.6

9
Mg 26.0

AlMg/
Al2Cu eutecticsAl 50.6

Cu 23.4

10
Mg 14.6

AlMg/
Al2Cu eutecticsAl 49.2

Cu 36.2

11
Al 68.7 Al2Cu equiaxial
Cu 31.3

12
Al 68.7 Al2Cu equiaxial
Cu 31.3

13
Al 63.8 Al2Cu spherical
Cu 36.2

14
Mg 16.6

Al2MgCu eutecticsAl 67.4
Cu 16.0

15
Mg 6.8

AlMg/
Al2Cu eutecticsAl 83.6

Cu 9.6

16
Mg 4.3

AlMg/
Al2Cu eutecticsAl 88.9

Cu 6.8

The interfaces between fine-crystalline copper and IMCs are shown in Figure 5a as well as
Al/Al2Cu eutectics located in between the Al2Cu particles. The selected area electron diffraction (SAED)
pattern obtained from the area in Figure 5a shows the reflections, which can be identified as those
belonging to AlCu3, Al2Cu and Al2Cu3 (Figure 5d). Analyzing the EDS spectra and taking into account
the ideal stoichiometric formulas of the IMCs detected, the theoretical compositions of them were
determined and are presented in Tables 2 and 3. It is worthwhile noting that IMCs composed of Al2Cu3

and AlCu3 particles are inherent to all Al/Cu alternating layers (Figure 4a,d–f).
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Table 3. Chemical compositions of phases shown in Figure 6.

Spectrum Element Content, at.% Phase Formula Morphology

1
(Figure 6a)

Al 93.7
Al(Cu,Mg) dendriticCu 4.0

Mg 2.3

2
(Figure 6a)

Al 66.8
AlMg/
Al2Cu eutecticsCu 20.4

Mg 12.8

3
(Figure 6a)

Al 62.9
Al2Cu rectangularCu 35.7

Mg 1.4

4
(Figure 6a)

Al 61.6
Al2Cu angularityCu 37.5

Mg 0.9

1
(Figure 6b)

Al 91.2
Al(Cu,Mg) dendriticCu 5.7

Mg 3.1

2
(Figure 6b)

Al 71.9
AlMg/
Al2Cu eutecticsCu 15.8

Mg 12.3

3
(Figure 6b)

Al 63.6
Al2Cu angularityCu 35.5

Mg 0.9

4
(Figure 6b)

Al 66.0
Al2Cu angularityCu 31.9

Mg 2.1

  
(a) (b) 

Figure 6. The SEM BSE images of microstructures in the SZ (a,b), which contain SS Al(Cu,Mg), Al2Cu
and Al2MgCu particles as detected using the EDS probe on microstructure components denoted
1, 2, 3, 4.

When looking at the Al-rich part of the SZ, more aluminum-rich phases are formed there according
to reactions as follows:

Al2Cu3 + 5Al→ Al + 3Al2Cu (1)

AlCu3 + 6Al→ Al + 3Al2Cu. (2)
The microstructure of this zone is composed of SS Al(Cu,Mg) and Al2Cu particles as confirmed

by the EDS and SEM (Figures 4 and 6, Table 3).
The solid solution in this zone contains up to 5.7 at.% Cu and 3.1 at.% Mg in Al, i.e., it can be

referred to as an Al(Cu,Mg) phase as shown by the EDS spectra in Figure 6 and Table 3. These Al(Cu,Mg)
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particles are dendrites and have a mean size of 11.8 μm (Figure 6). Such a dendritic shapes may be
evidence in favor of heterogeneous nucleation and growth in a liquid phase.

Two different sorts of CuAl2 particles are formed in the SZ (Figure 4a,c–f; Figure 6) such as thin
7 × 50 μm2 area platelets and the fine ones found in eutectics. Figure 5c shows an EDS profile along
the line shown in Figure 5a, i.e., a transition zone from IMC to the Al-Al2MgCu eutectics and then to
the recrystallized fine-grained copper.

An intermetallic Al-Al2MgCu eutectic phase was also EDS detected in the middle of SZ
(Tables 2 and 3) (Figures 3, 4a and 6).

The macroscopic FSP track cross-sectional area in Figure 7a shows lines along which the
microhardness number profiles (Figure 7b,c) were obtained. Both Figure 7b and 7c demonstrate
that microhardness profiles obtained in two perpendicular directions allow for the differentiation
between the matrix and IMCs, and, in fact, reveal the SZ structural inhomogeneity, which means a lack
of equality in strength. The microhardness of IMCs is by a factor of 2 to 5 higher than those of the
base metals.

 
(a) 

  
(b) (c) 

Figure 7. Microhardness profile measurement lines (a) and microhardness profiles along horizontal
(1, 2, 3) (b) and vertical (4, 5, 6) directions (c).
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4. Discussion

The results of this work clearly show the inhomogeneous structure of the stir zone composed
of copper, aluminum, Al-Mg-Cu solid solution and a set of different morphology IMCs. The FSP
is a strong nonequilibrium process so that the microstructural evolution of the processed metal is
determined by a variety of external factors such as heat generation, mechanical stirring (deformation),
heat removal as well as internal process factors such as adhesion-assisted or quasi-viscous transfer of
metal portions to the zone behind the tool, dynamic recrystallization, diffusion-controlled precipitation
and mechanochemical solid-state reactions. The Cu-Al system is capable of forming intermetallic
compounds with a high exothermic effect so that a thin liquid phase layer may form at the Al/Cu
interface due to contact melting. Such a phenomenon leads to a fast liquid-phase synthesis of coarse
IMC layers and particles, especially when fusion methods are used to obtain the Cu-Al alloys. At the
same time, only diffusion-controlled formation of IMCs is possible when the process temperatures
are low enough. In FSP on Cu-Al, the temperatures in the stir zone are in the range 400–500 ◦C [31],
i.e., lower than the eutectic temperature TE = 548.2 ◦C and no Al-Cu eutectics were detected in this
work. All IMCs were formed by means of diffusion-controlled precipitation from a supersaturated
solid solution obtained in FSP according to the model suggested by Pretorius et al. [33]. According to
such a model, the effective heat of formation (ΔH′) of phases at the binary Al-Me system interfaces can
be determined as follows:

ΔH′i = ΔH0
i ·

Ce

Cc
(3)

where ΔH′i is the effective heat of formation of i-phase, ΔH0
i is the enthalpy of formation change for

phase i; Ce is the effective concentration of the limiting element at the interface; Cc is the concentration
of the limiting element in the compound. Taking into account that ΔG0 ≈ ΔH0 the effective Gibbs free
energy change (ΔG′i ) in case of an i-phase formation is determined as:

ΔG′i = ΔG0
i ·

Ce

Cc
. (4)

Table 4 shows the results of calculating the Gibbs free energy changes corresponding to the
formation of all Al-Cu binary system phases. It can be noted that only negative ΔG′i values were
obtained, thus, determining the feasibility of the IMC nucleation and growth. The maximum absolute
ΔG′i values ΔG′Al2Cu3 = −31.28 kJ/mol and ΔG′AlCu3 = −22.84 kJ/mol were found for Al2Cu3 and
AlCu3, i.e., these phases were the first ones to form at the Cu/Al interfaces. Therefore, those phases
were detected in this work as small particles on the Cu-rich side of the image in Figure 4a. The next
phase to form was Al2Cu with ΔG′Al2Cu = −19.54 kJ/mol.

It should be noted that, in general, the diffusion-controlled Al-Cu interaction may lead to the
formation of a variety of IMC phases as dependent on Cu-content, sort of source materials (sheet
or powders), etc. Since copper and aluminum sheets were used in this work, the local Cu-content
may be as high as 40 vol.% due to intense stirring and transfer then three binary phases were formed
such as Al2Cu3, AlCu3, and Al2Cu. However, it was reported [16,30,31,34] that only a single Al2Cu
phase was formed when FSP admixing the pure copper powders at a concentration of ≤15 at.% and
in-situ synthesizing the Al-Cu composite. Using the Pretorius model [33], it was experimentally
established [31] that Al2Cu had to be the first phase to form since its Gibbs free energy change of
formation was the most negative value of all other phases as determined for a Cu at.% concentration
corresponding to the lowest temperature eutectic.
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Table 4. Effective Gibbs free energy changes at Cu-Al interfaces at 450 ◦C.

IMC Composition Limiting Element G′i [35], J/mol G′ at 450 ◦C, kJ/mol G′i , kJ/mol

Al2Cu Al0.67Cu0.33 Al −15,826.2 + 2.3T −14.16 −19.54

AlCu Al0.50Cu0.50 Al(Cu) −20,496.8 + 1.6T −19.34 −19.34
Al3Cu4 Al0.43Cu0.57 Cu −20,197.4 + 1.9T −18.82 −18.82
Al2Cu3 Al0.40Cu0.60 Al −20,137.8 + 1.6T −18.98 −31.28

Al4Cu9 Al0.31Cu0.69 Cu −19,707.1 + 1.6T −18.55 −18.55
AlCu3 Al0.25Cu0.75 Al −19,146.8 + 1.6T −17.99 −22.84

On the other hand, eutectic structures were observed during friction stir spot welding of AA5083
to copper [36]. The majority of papers devoted to studying the dissimilar Al-Cu butt FSWed SZ did not
show any presence of eutectics in distinction to the friction stir spot welding (FSSW) SZ microstructures.
The reason is the higher heat removal into a copper sheet in the case of butt FSW as compared to FSSW
or lap FSW. Preferential localization of IMCs on the advancing side of the SZ may be related to more
intense admixing between aluminum and copper layers (particles) detached off the parent metals and
transferred to the stagnation (trailing) zone behind the tool closer to the advancing side where these
layers adhere to the already deposited layers; finally, recrystallize and grow the IMCs at rest. Closer to
the retreating side these layers are stirred by the tool and deformed so that the strain dissolution of
the IMCs prevails over their precipitation, thus, facilitating the formation of the solid solution only.
Such a consideration is based on the adhesion-assisted transfer of metal during FSP when a transferred
portion (layer) of metal first adheres to the FSW tool, then is transferred to the stagnation zone behind
the tool, and adheres back to the previously transferred layers [37].

It is suggested also that more heat is generated on the advancing side as compared to that of
the retreating side [38]. This factor may provide higher heating and better conditions for the contact
melting between copper and aluminum transferred layers.

The combined effect of severe plastic deformation and heating provided the formation of a row of
Al-Cu phases. There are a number of phases whose morphology allows for the suggestion of their
origin from a liquid phase. First of all, those phases were Al-Al2Cu eutectics and Al-Mg-Cu solid
solution dendrites that formed near the IMC large particles as a result of depleting these zones of
copper. Such a scenario is inherent to the advanced side of the SZ zone.

Reaction-diffusion controlled nucleation and growth of IMC smaller particles is inherent to the
mechanically alloyed multilayer metal on the retreating side of the SZ. Friction stir processing in this
zone resulted in the formation of a Cu-Al mechanical alloy (bronze) which differed also from both
parent metals by its color. The smaller IMCs are found in the interlayer spaces whereas the in the main
phase there is the Al-Mg-Cu SS.

5. Conclusions

Microstructural evolution and phase composition of stir zone in-situ obtained using friction stir
processing on an Al-Cu bimetal workpiece were studied:

1. The single-pass FSP on Cu-Al bimetal plate resulted in the formation of a stir zone with
inhomogeneous distribution of intermixed phases identified as unreacted metals, intermetallic
phases such as Al2Cu, Al2Cu3, AlCu3, Al2MgCu, Al(Mg,Cu) solid solution and Al-Al2Cu eutectics.

2. Large IMC particles as well as Al-Al2Cu eutectics and Al-Mg-Cu solid solution dendrites were
preferentially located on the advancing side of the SZ zone, while the retreating side zone of SZ
was characterized by the presence of Al-Cu solid solution layered structures and smaller IMC
particles located between the solid solution layers.

3. The microhardness profiles measured across the SZ digitally mirrors the inhomogeneity of the
phase distribution there. The microhardness of IMC zones is by a factor of 2–5 higher than that
of copper.
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4. The IMC areas containing the eutectics and solid solution dendrites, which might originate from
Al-Cu liquation, are characterized by large irregular shaped shrinkage pores.

Author Contributions: A.Z., A.C., A.G., T.K., S.F., N.S. performed sample preparation and characterization;
A.C., E.K. and S.T. performed project administration, conceptualization, supervision, designed the experiments,
and analyzed the data; A.Z., A.C. and S.T. wrote this paper. All authors have read and agreed to the published
version of the manuscript.

Funding: Sample preparation and processing were funded by the Government research assignment for ISPMS
SB RAS, project No. III.23.2.4. Characterization of microstructures and phases obtained using dissimilar FSP on
copper and aluminum alloy was performed with financial support from RSF Grant No. 19-79-00136.

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Sudhakar, M.; Rao, C.H.S.; Saheb, K.M. Production of Surface Composites by Friction Stir Processing-A
Review. Mater. Today Proc. 2018, 5, 929–935. [CrossRef]

2. Padhy, G.K.; Wu, C.S.; Gao, S. Friction stir based welding and processing technologies-processes, parameters,
microstructures and applications: A review. J. Mater. Sci. Technol. 2018, 34, 1–38. [CrossRef]

3. Rao, A.G.; Ravi, K.R.; Ramakrishnarao, B.; Deshmukh, V.P.; Sharma, A.; Prabhu, N.; Kashyap, B.P.
Recrystallization Phenomena During Friction Stir Processing of Hypereutectic Aluminum-Silicon Alloy.
Metall. Mater. Trans. A 2013, 44, 1519–1529. [CrossRef]

4. Sun, H.; Yang, S.; Jin, D. Improvement of Microstructure, Mechanical Properties and Corrosion Resistance of
Cast Al–12Si Alloy by Friction Stir Processing. Trans. Indian Inst. Met. 2018, 71, 985–991. [CrossRef]

5. Zhao, H.; Pan, Q.; Qin, Q.; Wu, Y.; Su, X. Effect of the processing parameters of friction stir processing on
the microstructure and mechanical properties of 6063 aluminum alloy. Mater. Sci. Eng. A 2019, 751, 70–79.
[CrossRef]

6. Zahmatkesh, B.; Enayati, M.H. A novel approach for development of surface nanocomposite by friction stir
processing. Mater. Sci. Eng. A 2010, 527, 6734–6740. [CrossRef]

7. Bourkhani, R.D.; Eivani, A.R.; Nateghi, H.R. Through-thickness inhomogeneity in microstructure and
tensile properties and tribological performance of friction stir processed AA1050-Al2O3 nanocomposite.
Compos. Part B Eng. 2019, 174, 107061. [CrossRef]

8. Abraham, S.J.; Dinaharan, I.; Selvam, J.D.R.; Akinlabi, E.T. Microstructural characterization of vanadium
particles reinforced AA6063 aluminum matrix composites via friction stir processing with improved tensile
strength and appreciable ductility. Compos. Commun. 2019, 12, 54–58. [CrossRef]

9. Jain, V.K.S.; Varghese, J.; Muthukumaran, S. Effect of First and Second Passes on Microstructure and Wear
Properties of Titanium Dioxide-Reinforced Aluminum Surface Composite via Friction Stir Processing. Arab. J.
Sci. Eng. 2019, 44, 949–957. [CrossRef]

10. Huang, C.W.; Aoh, J.N. Friction stir processing of copper-coated SiC particulate-reinforced aluminum matrix
composite. Materials (Basel) 2018, 11, 599. [CrossRef]

11. Prabhu, M.S.; Perumal, A.E.; Arulvel, S.; Issac, R.F. Friction and wear measurements of friction stir processed
aluminium alloy 6082/CaCO3 composite. Measurement 2019, 142, 10–20. [CrossRef]

12. Barati, M.; Abbasi, M.; Abedini, M. The effects of friction stir processing and friction stir vibration processing
on mechanical, wear and corrosion characteristics of Al6061/SiO2 surface composite. J. Manuf. Process.
2019, 45, 491–497. [CrossRef]

13. Nazari, M.; Eskandari, H.; Khodabakhshi, F. Production and characterization of an advanced
AA6061-Graphene-TiB2 hybrid surface nanocomposite by multi-pass friction stir processing.
Surf. Coatings Technol. 2019, 377, 124914. [CrossRef]

14. Adetunla, A.; Akinlabi, E. Fabrication of Aluminum Matrix Composites for Automotive Industry Via
Multipass Friction Stir Processing Technique. Int. J. Automot. Technol. 2019, 20, 1079–1088. [CrossRef]

15. Fotoohi, H.; Lotfi, B.; Sadeghian, Z.; Byeon, J. Microstructural characterization and properties of in situ
Al-Al3Ni/TiC hybrid composite fabricated by friction stir processing using reactive powder. Mater. Charact.
2019, 149, 124–132. [CrossRef]

33



Metals 2020, 10, 818

16. Mahmoud, E.R.I.; Al-qozaim, A.M.A. Fabrication of In-Situ Al-Cu Intermetallics on Aluminum Surface by
Friction Stir Processing. Arab. J. Sci. Eng. 2016, 41, 1757–1769. [CrossRef]

17. Azimi-Roeen, G.; Kashani-Bozorg, S.F.; Nosko, M.; Nagy, Š.; Ma\vTko, I. Correction to: Formation of
Al/(Al13Fe4 + Al2O3) Nano-composites via Mechanical Alloying and Friction Stir Processing. J. Mater.
Eng. Perform. 2018, 27, 6800. [CrossRef]

18. Dinaharan, I.; Akinlabi, E.T. Low cost metal matrix composites based on aluminum, magnesium and copper
reinforced with fly ash prepared using friction stir processing. Compos. Commun. 2018, 9, 22–26. [CrossRef]

19. Kumar, P.A.; Madhu, H.C.; Pariyar, A.; Perugu, C.S.; Kailas, S.V.; Garg, U.; Rohatgi, P. Friction stir processing
of squeeze cast A356 with surface compacted graphene nanoplatelets (GNPs) for the synthesis of metal
matrix composites. Mater. Sci. Eng. A 2020, 769, 138517. [CrossRef]

20. Zhang, Q.; Xiao, B.L.; Wang, Q.Z.; Ma, Z.Y. In situ Al3Ti and Al2O3 nanoparticles reinforced Al composites
produced by friction stir processing in an Al-TiO2 system. Mater. Lett. 2011, 65, 2070–2072. [CrossRef]

21. Alidokht, S.A.; Abdollah-zadeh, A.; Soleymani, S.; Assadi, H. Microstructure and tribological performance
of an aluminium alloy based hybrid composite produced by friction stir processing. Mater. Des. 2011, 32,
2727–2733. [CrossRef]

22. Zeidabadi, S.R.H.; Daneshmanesh, H. Fabrication and characterization of in-situ Al/Nb metal/intermetallic
surface composite by friction stir processing. Mater. Sci. Eng. A 2017, 702, 189–195. [CrossRef]

23. Ponweiser, N.; Lengauer, C.L.; Richter, K.W. Re-investigation of phase equilibria in the system Al–Cu and
structural analysis of the high-temperature phase η1-Al1−δCu. Intermetallics 2011, 19, 1737–1746. [CrossRef]

24. Zhou, L.; Zhang, R.X.; Li, G.H.; Zhou, W.L.; Huang, Y.X.; Song, X.G. Effect of pin profile on microstructure
and mechanical properties of friction stir spot welded Al-Cu dissimilar metals. J. Manuf. Process. 2018, 36,
1–9. [CrossRef]

25. Shankar, S.; Vilaça, P.; Dash, P.; Chattopadhyaya, S.; Hloch, S. Joint strength evaluation of friction stir welded
Al-Cu dissimilar alloys. Measurement 2019, 146, 892–902. [CrossRef]

26. Khojastehnezhad, V.M.; Pourasl, H.H. Microstructural characterization and mechanical properties of
aluminum 6061-T6 plates welded with copper insert plate (Al/Cu/Al) using friction stir welding.
Trans. Nonferrous Met. Soc. China 2018, 28, 415–426. [CrossRef]

27. Xue, P.; Xiao, B.L.; Ni, D.R.; Ma, Z.Y. Enhanced mechanical properties of friction stir welded dissimilar Al–Cu
joint by intermetallic compounds. Mater. Sci. Eng. A 2010, 527, 5723–5727. [CrossRef]

28. Zhang, G.; Yang, X.; Zhu, D.; Zhang, L. Cladding thick Al plate onto strong steel substrate using a novel
process of multilayer-friction stir brazing (ML-FSB). Mater. Des. 2020, 185, 108232. [CrossRef]

29. Muhammad, N.A.; Wu, C.S.; Tian, W. Effect of ultrasonic vibration on the intermetallic compound layer
formation in Al/Cu friction stir weld joints. J. Alloys Compd. 2019, 785, 512–522. [CrossRef]

30. Hsu, C.J.; Kao, P.W.; Ho, N.J. Ultrafine-grained Al–Al2Cu composite produced in situ by friction stir
processing. Scr. Mater. 2005, 53, 341–345. [CrossRef]

31. Huang, G.; Hou, W.; Li, J.; Shen, Y. Development of surface composite based on Al-Cu system by friction stir
processing: Evaluation of microstructure, formation mechanism and wear behavior. Surf. Coatings Technol.
2018, 344, 30–42. [CrossRef]

32. Kalashnikova, T.A.; Gusarova, A.V.; Chumaevskii, A.V.; Knyazhev, E.O.; Shvedov, M.A.; Vasilyev, P.A.
Regularities of composite materials formation using additive electron-beam technology, friction stir welding
and friction stir processing. Metall. Work. Mater. Sci. 2016, 63, 2016. (In Russian) [CrossRef]

33. Pretorius, R.; Marais, T.K.; Theron, C.C. Thin film compound phase formation sequence: An effective heat of
formation model. Mater. Sci. Rep. 1993, 10, 1–83. [CrossRef]

34. Azizie, H.M.; Iranparast, D.; Dezfuli, M.A.G.; Balak, Z.; Kim, H.S. Fabrication of Al/Al2Cu in situ
nanocomposite via friction stir processing. Trans. Nonferrous Met. Soc. China 2017, 27, 779–788. [CrossRef]

35. Yang, L.; Mi, B.X.; Lv, L.; Huang, H.J.; Lin, X.P.; Yuan, X.G. Formation Sequence of Interface Intermetallic
Phases of Cold Rolling Cu/Al Clad Metal Sheet in Annealing Process. Mater. Sci. Forum 2013, 749, 600–605.
[CrossRef]

36. Shen, J.; Suhuddin, U.F.H.; Cardillo, M.E.B.; dos Santos, J.F. Eutectic structures in friction spot welding joint
of aluminum alloy to copper. Appl. Phys. Lett. 2014, 104, 191901. [CrossRef]

34



Metals 2020, 10, 818

37. Tarasov, S.Y.; Filippov, A.V.; Kolubaev, E.A.; Kalashnikova, T.A. Adhesion transfer in sliding a steel ball
against an aluminum alloy. Tribol. Int. 2017, 115, 191–198. [CrossRef]

38. Hersent, E.; Driver, J.H.; Piot, D.; Desrayaud, C. Integrated modelling of precipitation during friction stir
welding of 2024-T3 aluminum alloy. Mater. Sci. Technol. 2010, 26, 1345–1352. [CrossRef]

© 2020 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

35





metals

Article

Microstructural Analysis of Friction Stir Butt Welded
Al-Mg-Sc-Zr Alloy Heavy Gauge Sheets

Tatiana Kalashnikova *, Andrey Chumaevskii, Kirill Kalashnikov, Sergei Fortuna,

Evgeny Kolubaev and Sergei Tarasov

Institute of Strength Physics and Materials Science, Siberian Branch of Russian Academy of Sciences,
634055 Tomsk, Russia; tch7av@gmail.com (A.C.); kkn@ispms.tsc.ru (K.K.); s_fortuna@ispms.ru (S.F.);
eak@ispms.ru (E.K.); tsy@ispms.ru (S.T.)
* Correspondence: gelombang@ispms.ru; Tel.: +7-3822-286-863

Received: 31 May 2020; Accepted: 15 June 2020; Published: 17 June 2020

Abstract: Friction stir welding (FSW) on a heavy gauge sheet of a hereditary fine-grained Al-Mg-Sc-Zr
alloy was carried out to study the specifics of plasticized metal flow and microstructural evolution
in different sections and zones of the joint. It was found that the stir zone (SZ) macrostructure
may contain either a single or many nugget zones depending on the metal sheet thickness and the
seam length. The effect of grain kinking in a thermomechanically affected zone (TMAZ) under
pressure from the stir zone metal was discovered. The stir zone metal was fine-grained but had a
microhardness lower than that of the base metal, which may be explained by the overaging effect of
FSW on the Al3Sc precipitates. The tensile strength of the joint was almost equal to that of the base
metal (BM). The grain size distributions were obtained in different sections below the sheet surface
and away from the exit hole, which allowed us to suggest the specific adhesion-assisted layer-by
layer metal transfer mechanism in FSW.

Keywords: friction stir welding; aluminum alloy; structure formation; adhesion; metal transfer;
mechanical properties

1. Introduction

Al-Mg alloys are well-known structural materials that are widely used in various applications
including those where welding is a single option joining method. Improving the Al-Mg alloy strength
characteristics is achieved by alloying the metals with scandium and zirconium [1–4], which makes
them hereditary fine-grained alloys while retaining their corrosion resistance [2,5].

The alloy fine-grained microstructure is stabilized by the precipitation of nanosized Al6Mn, Al3Sc,
and Al3(Sc,Zr) matrix coherent particles, which first precipitate from a solid solution and then have
a pinning effect on the grain boundaries so that even annealing at 723 K for 16 h does not increase
the grain size [6]. The Al3Sc precipitates are the most effective precipitates for pinning the grain
boundaries [7]. It is known also [8] that the nanosized Al3Sc precipitates are stable against coalescence
so that that their mean diameter increased only from 13.5 to 15.4 nm for 7 days at 350 ◦C.

Friction stir welding (FSW) is a method used for joining metals in a solid state and is, therefore, often
used on metals and alloys that cannot be welded using any fusion welding technique. An Al-Mg-Sc-Zr
alloy is an example of such a hardly weldable alloy that and is, therefore, a candidate for joining with
friction stir welding. It is common knowledge that this solid state joining method usually forms a
fine-grained microstructure in the stirring zone. The presence of the nanosized growth inhibitors in
Al-Mg-Sc-Zr is an extra factor that helps retaining the fine-grained structure of the welded metal and
thus improving its mechanical characteristics [9]. For example, it was reported [10] that FSW increased
the ultimate and yield stresses of the Sc + Zr-alloyed aluminum alloy by 23.8 and 11.9%, respectively.
Practically a 100% tensile strength was achieved on the Al-5.4Mg-0.2Sc-0.1Zr alloy FSW seam even
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after annealing [11]. The mechanical strength advantage of the FSW joint compared to that of the TIG
on the Al-Mg-Sc-Zr alloy was thus demonstrated [10].

Another positive factor of the FSW-generated fine-grained structure is its potential to take
advantage of superplasticity characteristics [12–16] that allow up to 2000% elongation while retaining
microstructural thermal stability at 450 ◦C [12].

The effect of Al3Sc and Al3(Sc,Zr) nanosized precipitates on pinning the fatigue crack tip was
also reported [17]. It was shown [18] that friction stir processing improves the corrosion resistance of
Al-Mg alloys in a NaCl aqueous solution.

An important problem in FSW is obtaining a flawless and reliable seam when joining thick sheets.
The inhomogeneity and efficiency of metal stirring, enhanced adhesion of metal to the FSW tool,
diffusion-controlled FSW tool wear, fast heat removal, and high mechanical loads are factors that
aggravate the problems commonly encountered with FSW on aluminum alloy sheets up to 10 mm
thickness. Some technologies require welding heavy gauge sheets or pipes, which then are then
machined to obtain the final structure. This requirement makes it necessary to study FSW seams on
heavy gauge workpieces.

It may be concluded, therefore, that Al-Mg-Sc and Al-Mg-Sc-Zr alloys not only possess high
mechanical characteristics and are weldable using FSW but also that their characteristics can be further
improved using FSW, which is a promising research field from both practical and scientific points
of view.

The severe thermomechanical impact of FSW on the plasticized aluminum alloy in the stirring
zone creates the conditions for the strain-induced dissolution of particles, thereby enriching the solid
solution with the alloying elements and facilitating the fast precipitation of particles. This is an element
of FSW aspect that has not received much attention in the literature, especially when taking into
account the dynamic character of dissolution/precipitation, as well as recrystallization, during the
process. This issue becomes even more intriguing when applying FSW to an Al-Mg-Sc-Zr alloy, whose
microstructure is known to have high temperature stability. The FSW joint structure formation is
determined by the specificity of metal transfer and the role played by the adhesion of plasticized metal
to the FSW tool.

The objective of this paper is to study the microstructures and mechanical characteristics of the
FSW joint zones obtained on heavy gauge Al-Mg-Sc-Zr alloy sheets.

2. Materials and Methods

Hot-rolled 30 and 35 mm thick 300 mm × 300 mm sheets of AA1570 and HSS M2 steel FSW tools
were used to carry out friction stir welding using an FSP machine PowerStir 345C (Holroyd Precision
Ltd., Milnrow, UK) at the facilities of S.P. Korolev RSC Energia Experimental Machine-building Plant
ZEM. The shape and parameters of the tools used for the welding are shown in Figure 1. The process
parameters were adjusted experimentally to obtain the FSW joints, as shown in Figure 1. The FSW tool
rotation rate, traverse speed, and plunging force were 600 RPM, 10 mm/min, and 40 kN, respectively.
The FSW seam can be divided into three zones as shown in Figure 1a, where zones B, S, and H denote
the FSW tool plunging zone characterized by insufficient heating plasticization, steady welding, and
the FSW tool exit zone, respectively.

The stop-action technique [19] was applied to study the mechanical behavior of the metal in the
thermomechanically affected zones (TMAZs) when the FSW tool exit hole was sectioned and then
marked as shown in Figure 2. Another series of metallographic views was obtained by EDM cutting the
seam by planes normal to the sheet surface and both perpendicular and parallel to the FSW joint line.
An EDM cutting machine DK7745 (Suzhou Simos CNC Technology Co., Ltd. Suzhou, China) was used
to cut off the samples, which were then ground, polished, and etched to prepare the metallographic
section views.
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Figure 1. The friction stir welding (FSW) seam zones on a 35 mm thick AA1570 sheet (a), the FSW tool
used for the 35 mm thick sheet after welding (b), the FSW tool used for the 30 mm thick sheet after
welding (c), and the FSW tool used for the 35 mm thick sheet before welding (d). 1–tensile specimens;
2–metallographic section views, dmax–the larger pin diameter, h–the pin height, α–the taper angle.

The joint strength was tested using a test machine BISS UT-04-0100 (BISS (P) Ltd. Bangalore, India)
on samples cut off the seam by a plane perpendicular to the tool travel direction at different distances
below the top surface so that the stir zone was located in the middle of the sample’s gauge length part
(Figure 1). The loading speed was 100 mm/s.

A microstructural examination was performed using optical microscopes Altami MET 1T(Altami
Ltd., Saint-Petersburg, Russia), Olympus OLK41102 (Olympus Corp, Tokio, Japan), SEM and TEM
instruments Tescan VEGA 3 (TESCAN ORSAY HOLDING, BRNO, Czech Republic), Zeiss LEO EVO
50 (Carl Zeiss AG, Oberkochen Germany), and JEOL JEM-2100 (JEOL Ltd., Akishima, Japan).

Thin foils for TEM were prepared using EDM cutting, mechanical polishing, and ion thinning to
represent the stir zone metal in two perpendicular sections with respect to the joint line. A microhardness
tester Duramin-5 (Struers A/S, Ballerup, Danemark) was used to obtain microhardness profiles across
the FSW seam zones at a 490 mN load.
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Figure 2. A diagram showing the sample cut-off scheme: (a) the leading edge of the exit hole on the
retreating side (LE-RS), (b) the leading edge of the exit hole on the advancing side (LE-AS), (c) the
trailing edge of the exit hole on the retreating side (TE-RS), (d) the trailing edge of the exit hole on the
advancing side (TE-AS).

3. Results

3.1. Stir Zone and Thermomechanically Affected Zone Macrostructures

The transverse cross-sectional view in Figure 3 reveals the inhomogeneous macrostructure of the
deep penetration FSW joint stir zone. The onset part of the joint (zone “B” in Figure 1) is characterized
by a dense small nugget zone formed in the root part of the seam (Figure 3a,b), while “loose” metal
with discontinuities (Figure 3a,b, defect 1) is formed in the top part. The FSW area behind the tool is
characterized by the presence of a crack (Figure 3a,b, defect 2).

40



Metals 2020, 10, 806

 

Figure 3. The macrostructures of the FSW joint on 35 mm thickness alloy sheet in section parallel
to the joint line: (a) the cross section of zone B (b); the cross section of zone S (c); the multi-nugget
macrostructure of the stir zone (d); and a cross section view of the joint on the 30 mm thickness metal (e).

The steady welding zone “S” is characterized by another type of macrostructure, where numerous
nugget structures are formed in the stir zone (SZ) instead of a single nugget (Figure 3c,d). These nugget
structures are evidence of change in the metal flow compared to that of zone “B”. The top part of the
stir zone obtained on the 35 mm thick sheet still contains pores and discontinuities.

This type of macrostructure is also typical for the FSW joint obtained on the 30 mm thick sheet
(Figure 3e), with the exception of a wormhole defect formed in the half-height AS zone because this
30 mm thick sheet was made of two thinner ones.

The FSW tool exit zone H revealed the metal flow patterns formed by the tool around the exit hole.
Figure 4a shows the microstructure of sample 4.2 cut off the trailing part of the exit hole, as shown in
Figure 2. The bottom metal shows a large and dense nugget (Figure 4a, SZ1), above which a number
of metal flow patterns (SZ2–SZ7) can be seen. The “loosest” macrostructure is observed on the SZ8

pattern, which is formed by a shoulder-driven metal flow.
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Figure 4. Macrostructures in the FSW tool exit zone as viewed from the plane parallel to the welding
direction and perpendicular to the sheet’s surface: (a) trailing part of the exit hole, sample 4.2; (b) the
exit hole on the advancing side of the weld under different magnifications (c,e); kinked TMAZ grains
in the top (f) and bottom (d) parts, respectively.

The macrostructure of the AS exit hole quadrant planar section (Figure 4b) (cut off as shown in
in Figure 2, section 4.1) is represented by a difficult-to-see stir zone and a TMAZ that can be divided
into the ultrafine grained TMAZ I in the vicinity of the SZ and TMAZ II, which features larger kinked
grains located closer to the base metal (BM) (Figure 4c,d). Only a small portion of the SZ can be
observed using this view. The rolling welding defect between the two sheets is also clearly seen here
(Figure 4b). The TMAZ zone structures show orientation dependence with respect to the different
exit hole quadrants. This is also true for such structural characteristics as grain size and grain shapes
(Figure 4c,e).

Since the base metal hot-rolled grains were preferentially oriented with their longest axes
along the rolling direction and their boundaries were pinned by the nanosized precipitates against
continuous recrystallization, mechanical pressure in TMAZ II exerted from the SZ distorted their
shapes. Distinct from the TMAZ I superfine grains, whose deformation at the SZ/TMAZ boundary
was fully determined by the friction force, the TMAZ II grains oriented with their long axes along the
pressure retained their sizes but instead experienced kinking. The alternating kinking band patterns
can be delineated as shown in Figure 4d and look similar to those generated with the shear banding
mechanism. Those grains whose shorter axes coincide with the pressure direction were more resistant
to kinking. Kinking is also more pronounced in the bottom parts of the TMAZ II where the FSW
tool-induced metal flow pressure is higher.
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The planar section views in Figures 5–7 represent the structures formed at different distances
below the metal surface. The structures formed close to the leading edge of the exit hole in sections
2.2–2.6, as well as those formed at the trailing edge of the exit hole in sections 3.2–3.6, are shown in
Figures 5 and 6, respectively.

 

Figure 5. The microstructural evolution on stir zone (SZ), thermomechanically-affected zone (TMAZ),
heat-affected zone (HAZ) and base metal (BM)microstructures near the exit hole leading edge on the
advancing side (AS), as seen in plane sections 2.2 (a), 2.3 (b), 2.4 (c), 2.5 (d), and 2.6 (e) (Figure 2).
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Figure 6. The alloy structures in the exit hole leading edge on the AS side, as viewed in sections 3.2 (a),
3.3 (b), 3.4 (c), 3.5 (d) and 3.6 (e) (Figure 2).

The leading AS edge planar sections 2.2 to 2.5 (see Figure 2) are represented by a very narrow stir
zone (Figure 5a–d) but a wide TMAZ composed of both elongated and almost equiaxed grains, whose
origin may be explained by horizontal plane sectioning of the kinked grains. The TMAZs are wide in
sections 2.4–2.4 (Figure 5a–c), while those in section 2.5 (Figure 5d) demonstrate a narrow TMAZ that
becomes wider again in section 2.6 (Figure 5e).

The grain size in the TMAZ is gradually increased from the SZ/TMAZ to TMAZ/HAZ boundary
(Figure 8).

When examining the structures and zones formed on the trailing edge of the hole in sections
3.2–3.6 (Figure 6), it can be noted that the TMAZ is wider in the RS trailing edge (TE-RS) (Figure 6) of
the exit hole than the TMAZ in the leading edge AS part (LE-RS) (Figure 5).
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Figure 7. The TMAZ grain structures in planar sections 3.2 (a), 3.3 (b), 3.4 (c), 3.5 (d) and 3.6 (e), as
viewed normal to the sheet plane.

These differences are clearly seen in Figure 7, where the TMAZ grain structures are shown at a
higher magnification. sections 3.2 to 3.4 reveal moderately elongated grains whose length is about twice
as much their width. sections 3.4 and 3.6, respectively, demonstrate almost equiaxed and extremely
elongated thin grains.
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Figure 8. The TMAZ grain size distributions as measured along lines 3 (a), 2 (b), and 1 (c) (in Figures 5
and 6 (a,c)) and the dependence of the TMAZ size on the height of the 30 mm thick sample (d).
The diagram labels are in accordance with those of the diagram in Figure 3.

3.2. Stir Zone and Thermomechanically Affected Zone Microstructures

The specifics of the TMAZ grain structure modification in the exit hole area are shown in Figure 8.
Transversely to the SZ RS, along line 3 (shown in Figure 6), the change of the grain size from the stir
zone to the heat-affected zone at different depths is determined by two main characteristic features.
In samples from the upper part of the welded joint zone (sections 3.2, 3,3, and 3.4 in Figure 2), there
is an initial rapid growth of grains with a subsequent drop and a further growth of the grain size,
which becomes equal to the grain sizes of the heat-affected zone (HAZ) or the base metal. In samples
from the bottom part of the joint (sections 3.5 and 3.6), the grains gradually grow from the stir zone to
the heat-affected zone (Figure 8a). There is no grain growth near the stir zone. This feature indicates
different deformation and recrystallization processes at different distances from the surface of the
FSW-joint. At the leading edge of the tool exit hole on AS along line 2 (shown in Figure 5), the
SZ-boundary material in sections 2.2, 2.3, and 2.4 is characterized by larger grains compared to those
in sections 2.5 and 2.6 (Figure 8b). At a distance of more than 5 mm from the stir zone, the TMAZ grain
size is leveled on all samples.

Along welding line 1 (Figure 5), the increase in the grain size from the stir zone to the heat-affected
zone occurs gradually on all samples (Figure 8c). Significant differences are observed only for sections
2.5 and 2.4, far from the stir zone.

Unevenness in the size of the TMAZs can be observed both in different directions (for the welding
axis) and at different distances below the weld surface (Figure 8d). It is expected that the smallest size
of the TMAZ will be characteristic of the leading edge, where the TMAZ size changes smoothly and
identically along line 1 and line 2. In the trailing edge area on the retreating side and across the stir
zone along line 3, the size of the stir zone increases from the minimum in the bottom of the joint to the
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average in the central volume, with the maximum found in the shoulder-affected area. These changes
show strain inhomogeneity in different areas of the joint.

The microstructures of the SZ zone in both joints are represented by recrystallized grains and coarse
Al3Sc precipitates (Figure 9a,b). It can be seen from Figure 9c,d that the coarse incoherent particles
cannot effectively pin the grain boundaries, so they continue migrating through the precipitates leaving
chaotically distributed dislocations and dislocation loops.

 

Figure 9. TEM images of the stir zone coarse precipitates, grains, and dislocation loops in 35 mm (a,c)
and 30 mm (b,d) welds.

TEM images of the TMAZ microstructures in both FSW seams are characterized by the presence
of numerous extinction contours inside the elongated and bent grains (Figure 10a, shown with
arrows). The presence of several bend extinction contours inside an elongated grain is evidence of
alternating sign flexural strain (corrugation). These corrugated grains are geometrically subdivided into
shorter subgrains to accommodate the bending. Some of these subgrains are separated by high-angle
boundaries from the neighboring subgrains (Figure 10b, shown with arrows).

47



Metals 2020, 10, 806

 

Figure 10. TEM images of the TMAZ structures in the 35 mm (a) and 30 mm (b) thickness seams.

3.3. Mechanical Strength

The results of the mechanical tests show that the welded metal has a strength close to that of the
base metal (Figure 11a). The minimal tensile strength of 235–280 MPa was obtained when testing the
samples cut off the top and bottom sections 1.1, 1.2, 1.9, and 1.10 (see Figure 3e). The samples cut off
the central sections, with the exception of the section 1.7 sample, had a strength around 355–365 MPa.

Tests in the defect-free zone “S” (Figure 1) areas show that the ultimate tensile strength (UTS) of
the specimens is about 350–390 MPa (Figure 11b). The exception is Specimen 2.10, cut from near the
facing surface of the sample, whose UTS is about 305 MPa. The dependence of tensile strength on the
distance from the weld root is shown in Figure 11c.

Testing of the welded samples shows their high defectiveness due to the formation of large
discontinuity in the weld, which is detrimental to the metal’s mechanical properties (Figure 11c,d).
Samples from the defect-free areas have strength properties at the level of equivalent samples from
35 mm thick welded plates at a level of 400–405 MPa. In the presence of defects, this strength is very
low (even close to zero). The difference between zone “S” and zone “B” (Figure 1) is seen in the
diagrams. Only one sample cut from the center zone showed a strength close to zero, while about one
third of them cut from zone “B” had similar results.

When comparing the mechanical properties in the cross sections of materials of both thicknesses,
the defect localized in the structure becomes clearly distinguished (Figure 11e,f). For joints made of
35 mm-thick plates, the poor strength shown on samples from the upper part is typical (Figure 11e).
For samples made of 30 mm-thick plates, the strength loss is typical for samples from the central part
of the joint (Figure 11f). It should be noted that, generally, samples demonstrate rather low mechanical
properties in comparison with that of the base metal, which could be caused by over-ageing of the SZ
material during welding. This process is characterized by accelerated precipitation of the particles
from the solid solution, making the particles lose their coherence with the matrix and thus impairing
the joint mechanical characteristics. At the same time, the mechanical properties of the base metal also
have a significant heterogeneity when testing samples cut off along and across the rolling direction
(Figure 11g). In this case, the samples cut along the rolling direction have a slightly higher strength
and less ductility than those cut across the rolling direction.
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Figure 11. Mechanical properties of specimens cut across the weld at different distances from the weld
root for 35 mm-thick (a,b) and 30 mm-thick (c,d) plates, the dependence of the mechanical properties
on the distance from the weld root for 35 mm-thick (e) and 30 mm-thick (f) plates in zones “B” and “S”
(see Figure 1), and the test diagrams of the base metal tested along and across the rolling direction (g).

The discontinuous yielding effect, strongly pronounced during the testing of the base metal
specimens (Figure 11g), is eliminated during the testing of the FSW joined samples. During the
deformation of specimens along and across the welding axis, the most pronounced manifestation of
the Portevin Le Chatelier effect is observed in cases where the tensile axis coincided with the welding
axis. This leads to high amplitude serrations under the tensile loading. In samples of the weld material,
the phenomenon of discontinuous yielding was observed practically on all specimens cut from the
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defect-free zones as well as on a small part of the defective ones (Figure 11a–d). Some specimens
demonstrated deformation behavior similar to that of the base metal ones tested along the rolling
direction, and others showed the same with specimens tested across the rolling direction. For example,
curves a1, a2, and a3, shown in Figure 11d, demonstrate similar changes in strain to those in diagrams
of the specimens cut along the rolling direction rd1–rd3, while curves 2.1 and 2.3 are similar to those in
diagrams of the specimens cut along the transverse direction td1–td3. The main difference between the
above groups of specimens is their differently pronounced stress changes during deformation. In this
case, the strength of the base metal in the tensile test along the rolling direction is 405 MPa, which
coincides with the strength of the 30 mm-thick joint specimens in the transverse direction of 365 MPa,
which is close to the strength of the defect-free specimens of the 35 mm-thick joint.

The microhardness profiles obtained from both joints demonstrate the reduced microhardness
numbers of the stir zone (Figure 12) compared to those of base metal. Such a finding is typical for heat
treatable aluminum alloys because this zone is usually over-aged in FSW such that the precipitates lose
their coherence, and dispersion hardening becomes ineffective. No extra hardening was noted in the
heat-affected zone, which may be explained by the thermal stability of both grains and precipitates in
this zone.

Figure 12. The microhardness profile across the FSW joint at 5 mm below the surface on 35 mm
thickness metal.

3.4. Metal Transfer

The macrographs in Figures 13 and 14 show grain refining in the base metal via friction from
the rotating FSW tool. It was suggested earlier [20] that metal transfer in FSW may be performed in
a layer-by-layer manner when the grain-refined and plasticized metal layer first sticks to the FSW
tool surface and is then transferred to the zone behind the tool and deposited there on a previously
deposited layer. The stop-action technique allows one to observe plasticized metal layers, which are
separated from the bulk of the metal on the advancing side of the hole (Figure 13), transferred to the
retreating side (Figure 14), and finally deposited on the previously transferred and bonded layers.
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Figure 13. Optical images of the microstructures formed in the FSW tool exit hole metal leading edge
metal (section 2.2 in Figure 2). Blue dotted line contour denotes the transfer layer area.

 

Figure 14. Optical images of the microstructures formed in the FSW tool exit hole metal trailing edge
metal (section 3.2 in Figure 2). The blue dotted line contour denotes the transfer layer area.

SEM BSE images allow one to distinguish by contrast the intermetallic precipitates of solid
solution grains (Figure 15). The majority of these coarse precipitates look like streaks oriented along
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the rolling direction (as well as tool travel speed) and are clearly seen in the base metal, while fewer
are distributed chaotically.

 

Figure 15. SEM BSE composite image of the metal and precipitates in the FSW tool exit hole leading
edge metal (section 2.2 in Figure 2).

The friction force induced deformation not only distorts the grains but also changes their
orientation, which can be observed by the orientation of the precipitate streaks (Figure 15).

Completely recrystallized metal is observed in a thin 0.5–0.6 mm layer, which was stuck to the
FSW tool and thereby transferred in a spiral bottom-to-surface trajectory.

4. Discussion

The stir zone formation in high thickness materials may occur in a very complex multiflow
manner so that a number of vortex structures with different configurations forms there, partially due
to the low pressure in the welding zone. As a result, a welded joint has, in addition to structural
irregularities, significant differences in its mechanical properties with respect to the distance below the
top surface. Despite the presence of structural irregularities, it is possible to accurately characterize
the process of the welded joint formation in the tool pin stir zone (excluding the area of shoulders
influence). As described above, the direct material transfer by the tool is predefined by the primary
subdivision of the base metal grains through severe plastic deformation with the formation of a wide
thermomechanically affected zone (Figure 5). The grain size is expected to increase with distance
from the stir zone to the heat-affected zone (Figure 8). The different widths of the TMAZ at different
levels of the weld indicates that the process of grain subdivision and, consequently, the formation
of the material transfer layer (Figures 14 and 15) occurs with a different intensity depending on the
distance below the top surface. This ensures that the stir zone consists of several nuggets and makes
the material transfer frequency potentially differ from level to level. This irregularity in the adhesive
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interaction also likely affects the mechanical characteristics. However, the peculiarities of the formation
of structures at each of the studied weld levels demonstrate that the welded joint formation in the tool
pin stir zone occurs via the same mechanism.

The results obtained in this work, as well as those obtained earlier, suggest that FSW seam
formation occurs according to the scheme shown in Figure 16.

Figure 16. Schematic diagram to illustrate the adhesion-assisted transfer of metal with the FSW pin.
1—tool, 2—rotation direction, 3—primary grain subdivision, 4—formation of transfer layer, 5—reverse
transfer (deposition), 6—successive layer-by-layer metal transfer and deposition.

After plunging the FSW tool into a metal, the tool starts travelling along the joint line.
The plasticized and grain refined metal layer is transferred by the rotating tool to the trailing
zone where it is detached from the tool and sticks back to the hot metal deposited. This cycle is
repeated again and again to form the welded seam. The transferred layer thickness is determined by
the temperature and shear stress/strain gradients exerted from the tool into the base metal. This model
was inferred from numerous experiments on unlubricated and adhesion controlled sliding friction
when direct and reversed metal transfer occurs between the contacting bodies [20–22].

This discontinuous transfer mechanism is responsible for the formation of inhomogeneous grain
structures, SZ nuggets, and the TMAZ. An overly strong adhesion of the plasticized metal to the
FSW tool may have detrimental effects on the stirring and metal flow efficiency. The transferred
portion of metal may not detach from the tool surface and thus be involved in the next cycle, thus
breaking the regularity of transfer and forming additional metal flows, which can then provide the
final multi-nugget pattern shown in this work in Figure 3c,d. This is especially likely in FSW on thick
metal sheets with high pressure and tool travel resistance.

On the other hand, overly weak adhesion would not allow the metal to form a welded joint at
all. Therefore, the adhesion of the metal to the tool is an important factor in metal transfer, which has
never been considered in modeling. It is known, for example, that it is possible to obtain an FSW seam
using an absolutely smooth FSW pin surface [23,24] and that it is the adhesion that works here to help
transfer the metal.

Our results show that the SZ metal precipitates are not coherent with the Al-Mg matrix; thus, grain
structure recrystallization is not stopped and continues by means of grain boundary migration and
diffusion-controlled dissolution of the incoherent precipitates, leading to numerous dislocation loops
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forming in the metal. It is known that the dislocation loops can appear by a vacancy condensation
mechanism in diffusion on the grain boundaries. It seems that the coarse precipitates almost have
no pinning effect of the grain boundaries so that grains may grow as large as several micrometers.
Severe deformation and heating during FSW facilitates strain dissolution of the initial precipitates
that, consequently, have to precipitate again. Intense stirring in the SZ dissolves them again and
again until stirring is stopped and the metal comes to rest. This is where precipitation overtakes
dissolution, and precipitates grow very quickly on the defective structure. That is why the coarsest
precipitates are found in the TMAZ (Figure 3), where the strain is low and some particles are hiding
there and thus avoid the strain dissolution. In addition, Figure 8a shows that some grain growth can
occur in the vicinity of the SZ/TMAZ boundary. This finding can be explained by the same reason,
i.e., that the coarse incoherent precipitates are formed in the TMAZ and allow the grains to grow.
Nevertheless, even if the precipitates are semicoherent, they may still retain some pinning effects on
the grain boundaries.

The TMAZ zone is characterized by kinked grains (Figure 4d), which are the results of deformation
under the pressure exerted by the FSW tool. A similar effect was observed under compression
deformation of the Al-Mg-Sc alloy (AA5024) at 523 K [25]. TEM mages show that these kinked grains
are composed of even smaller subgrains with high-angle boundaries (Figure 13) that are plausibly
formed by microshears in the band-like grains, according to the scheme proposed by Belyakov et al. [26].
Another possible mechanism could be geometrical recrystallization [27], which is considered to be a
type of continuous recrystallization. It was reported [28] that continuous recrystallization is inherent
with the Al-Mg-Sc-Zr alloys.

5. Conclusions

As a result of the study, it was found that the stir zone of FSW joints on heavy gauge Al-Mg-Sc-Zr
alloy sheets is a complexly structured zone with the presence of several basic structural elements.
At the beginning of the welded joint, there is a nugget with an onion ring structure of a small size,
and a highly defective area is located closer to the weld top surface. In the middle and end of the
35 mm-thick joint, there is a stir zone with a complex structure that consists of a large number of vortex
or turbulent material flows formed by its movement along the tool contour. In the 30 mm-thick sample,
a stir zone with a small nugget was formed over the entire length of the joint.

In samples of both thicknesses, defects can occur throughout the entire weld length and reduce
the strength of the joint area to almost zero. The macro-defect formation localization is possible
both in the lower third of the thickness in the advancing side of the weld and in the upper part in
the stir zone in the shoulder effect area. Alternatively, it can be located on the border of the stir
zone in the shoulder-driven area and in the pin-driven area. In the zone of defect formation, the
strength properties are about 235–280 MPa for 35 mm-thick plates and for 30 mm-thick plates in the
defect areas, the strength decreases until reaching zero, which might be caused by different types
of formed defects. The mechanical properties of the defect-free material are thus at a sufficiently
high level. Specimens from the defect-free areas of the 30 mm-thick joints have strength properties
around 400–405 MPa, while specimens from 35 mm-thick welded joints have a lower strength of about
350–390 MPa. The strength of the base metal during the tensile test along the rolling direction is
405 MPa, and in the transverse direction it is 365 MPa. In terms of strength and discontinuous yielding
effect implementation, specimens from the 30 mm-thick plates were closer to the base metal tested
along the rolling direction, while specimens from the 35 mm-thick plates were closer to the material
tested across the rolling direction.

The structure of welded joints is formed by the successive layer-by-layer transfer of a material by
means of adhesive interaction. Due to the high thickness of the plates to be welded, the process of joint
formation becomes more complicated, and the layer transferred by the tool is divided into separate
sections with the presence of an upward motion component along with the motion around the tool.
The high thickness of the Al-Mg-Sc-Zr alloy plates being welded might affect the plastic deformation
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process during the FSW so that metal flow was rearranged into separate small vortex zones, along
with the formation of complex material flows along the tool contour and, as a result of the above, the
formation of a multi-nugget stir zone with a complex structure.
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Abstract: The use of electric arc or gas welding in the manufacture of titanium components often
results in low quality welded joints due to large residual stresses and strains. A successful solution to
this problem can be found in the application of friction stir welding. However, friction stir welding
(FSW) of titanium alloys is complicated by rapid tool wear under high loads and temperatures
achieved in the process. This paper studies the durability of a tool made of ZhS6U Ni-based superalloy
used for friction stir processing of commercially pure titanium and the effect of the tool wear on the
weld quality. The total length of the titanium weld formed by the tool without failure comprised
2755 mm. The highest wear of the tool is observed at the base of the pin, which brings about the
formation of macrodefects in the processed material. The tool overheating causes an increase in the
dendrite element size of ZhS6U alloy. The transfer layer contains chemical elements of this alloy,
indicating that the tool wear occurs by diffusion and adhesion. As a result of processing, the tensile
strength of commercially pure titanium increased by 25%.

Keywords: friction stir welding; grade 2 titanium alloy; ZhS6U Ni-based superalloy; microstructure;
welding tool; tool wear

1. Introduction

Titanium alloys have found wide applications in the aerospace, transport, and chemical industries,
as well as in medicine due to their high specific strength, heat resistance, and corrosion resistance [1].
These alloys considered to be readily weldable [1], but the use of conventional fusion welding
techniques on them may lead to some undesirable effects, e.g., the formation of a coarse cast structure,
porosity, strains, and residual stresses. Friction stir welding (FSW), which emerged in the early
1990s, is a solid-state process [2] and is successfully used for joining various types of aluminum [3,4],
magnesium [5], and copper alloys [6,7], as it has many advantages including low residual stresses.
Therefore, FSW may be more suitable for joining titanium alloys than conventional fusion welding
methods. In addition, the FSW is widely used for joining metallic structures including those made
of dissimilar metals and are not weldable by means of fusion methods. The use of FSW for joining
aluminum and titanium alloys may allow avoiding unreliable riveted joints and applying modern
light materials. Furthermore, friction stir processing (FSP) may be used for surface hardening metallic
materials as well as for producing bulk processed materials including composites.

A problem of the FSW and FSP techniques is the rapid tool wear under high heat and load
conditions [8,9]. In view of this fact, welding tools for FSW of titanium alloys are usually made of refractory
materials, including alloys based on tungsten [10–18], cobalt [19–22], and molybdenum [23–25], as well
as polycrystalline cubic boron nitride [26,27]. As reported [27], the use of a polycrystalline cubic
boron nitride tool for FSW of titanium alloys led to the presence of tool wear products in the weld,
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such as titanium boride, nitrogen, and oxygen. In addition, fabricating the cubic boron FSW tool is
both a costly and tedious process. Commercially pure tungsten has good strength characteristics at
elevated temperatures, but it has low fracture toughness and therefore is worn out rapidly in FSW
of hard materials (steel, titanium alloys) [28]. The heat and wear resistance of a tungsten tool can be
improved by alloying it with such a rare earth and scarce metal as rhenium, which makes the tool’s
cost even higher.

A very popular tool material for FSW of titanium alloys is cemented tungsten carbide. This material
has high 1650 HV and it is slightly sensitive to abrupt temperature changes [28]. There is evidence,
however, that an adhesive titanium carbide layer is formed on the surface of the FSW joints due to high
affinity of titanium to carbon [29]. In addition, carbon monoxide (CO) can be formed during FSW due
to high temperatures and high pressure [28]. Although, this remark is not relevant for FSW performed
with argon shielding.

Some FSW tools are made of tungsten with the addition of lanthanum. It was found that the
given tool material diffuses to the titanium alloy surface [15]. This fact negatively affects both the weld
quality and the tool wear.

Interesting results were obtained for a cobalt-based alloy tool. It was shown that the tool wear
during FSW is caused by repeated titanium alloy adhesion to and pulling out the fragments from
the tool [29]. However, the durability of cobalt tools was not studied in detail. Other rarer materials
were also used for FSW tools, but they have not become widespread, e.g., a molybdenum-based alloy
tool [23–25]. Unfortunately, the cited authors do not describe the tool wear process and provide no
data on how the use of this type of tool affects the weld quality. Another example is a zirconium
diboride tool with silicon carbide additives [30], the use of which proved to be undesirable due to
rapid adhesive failure. Despite the large number of studies, the available materials for the manufacture
of tools are either not durable enough, do not ensure reliable weld quality, or are technologically
unfeasible due to complicated processing and high cost.

The use of a polycrystalline nickel-based superalloy as a tool material for FSW of steel [31] allowed
yielding positive results with respect to the tool wear despite the presence of defects in the welded
joint. An iridium-containing Ni-based superalloy used for stainless steel welding showed slight
wear and deformation over the welding the 3 m length seam [32]. In practice, this superalloy has
been successfully applied since the 1960s for the manufacture of turbine blades operating under high
temperatures and mechanical loads [33]. A recent study [34] has shown the possibility of using the
Ni-based superalloy as a material for making a tool for FSW on titanium alloys. However, the tool life
has not yet been considered. All the above problems also apply to friction stir processing. FSP is similar
to FSW in its effects and working principle, but it is slightly simpler technologically. The objective of
this study is to investigate the durability of a ZhS6U Ni-based superalloy tool and the effect of its wear
on a friction stir processed commercially pure titanium for the first time.

2. Experimental Procedure

2.1. Materials and Experimental Set-Up

The superalloy tool life was investigated in friction stir processing (FSP) of titanium alloy
workpieces under constant conditions. This process is similar to friction stir welding and differs only
in the absence of a joint line between two welded parts. For convenience of description, the processed
material will be called a weld. In order to avoid oxidation of titanium alloy, the processing was carried
out with argon shielding. Argon was fed through a special nozzle into the processing zone. An AISI
304 stainless steel plate was used as the substrate (Figure 1). The processed titanium alloy workpieces
were fixed on the welding machine table using the clamps. A rotating tool was plunged into the
workpiece with an axial force and then moved forward along a straight line. Friction between the tool
and the workpiece resulted in heating, plasticization and stirring of the material. The FSP was carried
out at constant axial load, which is a preset parameter to maintain the metal flow both at the tool
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plunging stage and during processing. The tool travel speed was not a parameter to control. The FSP
tool travel started immediately after the shoulder contacted the metal surface. The tool inclination
angle is 1.5◦.

Figure 1. Scheme of friction stir processing (a) and tool schematic (b).

The superalloy tool had a 2 mm length pin and a 20 mm diameter shoulder (Figure 1b). It was
made of as-cast ZhS6U Ni-based superalloy of composition presented in Table 1. This alloy is an
analogue of the Mar-M247 alloy. The tool was made using the lathe turning from a cylindrical billet.

Table 1. Element composition of ZhS6U alloy (wt%).

Fe Nb Ti Cr Co W Ni Al Mo S

≤1 0.8–1.2 2–2.9 8–9.5 9–10.5 9.5–11 54.3–62.7 5.1–6 1.2–2.4 ≤0.01

Ce Si Mn P C Zr Bi B Pb Y

≤0.02 ≤0.4 ≤0.4 ≤0.015 0.13–0.2 ≤0.04 ≤0.0005 ≤0.035 ≤0.01 ≤0.01

The workpieces were made of 2.5 mm thick hot-rolled sheets of grade 2 titanium alloy. The initial
composition of the alloy is presented in Table 2. The FSP was carried out in the direction parallel
to the rolling direction. The processing was conducted using the process parameters at which the
highest weld strength was achieved as reported elsewhere [34]. The axial force on the tool during both
plunging (Fpl) and processing (Fpr) was maintained at 7848 N, the traverse speed (V) was 180 mm/min,
and the tool rotation rate (ω) was 950 rpm. The total weld length was more than 2.5 m. Since the
laboratory FSW machine was not attached with a liquid cooling system of, unlike industrial machines,
the processing was carried out in successive 100 mm length passes to avoid the tool overheating.
The process was stopped after each pass to cool the tool in air. The FSP tool was not cleaned in between
the passes not to interfere with the conditions created in the usual FSW process.

Table 2. Element composition of titanium alloy (wt%).

Fe C Si N Ti O H Impurity

≤0.25 ≤0.07 ≤0.1 ≤0.04 99.24-99.7 ≤0.2 ≤0.01 the rest 0.3

2.2. Investigative Techniques

Metallographic examinations were performed on both the tool and the weld materials. Samples
of the processed metal were cut in a plane perpendicular to the weld. The tool material structure was
examined in the cross section views. The views were obtained using polishing on abrasive papers and
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diamond pastes. Then, the processed titanium samples were etched in a 2% hydrofluoric acid solution
for two minutes to reveal the microstructure and then washed in a 40% nitric acid solution. The tool
microstructure was revealed with a reagent composed of 8 g CuSO4, 40 mL HCl, and 40 mL H2O.

Qualitative as well as quantitative analysis of the weld and tool microstructure was carried out
using an Altami MET-1C metallographic microscope(Altami, St Petersburg, Russia) and a Microtrac SM
3000 scanning electron microscope (Nikkiso Co. Ltd., Tokyo, Japan) attached with an energy-dispersive
X-ray microanalyzer (IXRF Systems). The worn surfaces of the tool were examined using an Olympus
LEXT OLS4000 confocal microscope (Olympus, Tokyo, Japan). The tool was also photographed in the
intervals between the passes to document its shape change.

Quasi-static tensile tests of the weld material were conducted in a UTC 110M-100 testing machine
(Testsystems, Ivanovo, Russia) at room temperature. Flat specimens for mechanical tests were cut
from stirring zone with their tensile axis coincided with the seam centerline (Figure 2). Such a test
scheme was used to study the processed metal strength and thus evaluate the FSP efficiency. The base
metal tensile test samples were used as reference ones. The loading rate was 1 mm/s according to the
standard [35]. Microhardness numbers were obtained to evaluate the local hardness in the stir zone
and in the base metal. Microhardness tester Duramin5 (Struers, Ballerup, Denmark) at 100 g load and
dwell time 10 s was used.

 

Figure 2. Scheme of a tensile test specimen cut from the weld zone.

3. Results and Discussion

3.1. Tool Wear

The general views of the tool at different stages of the experiment are shown in optical images
in Figure 3. One can see, that the tool worn surfaces are covered with an adherent layer of oxidized
titanium. The edges of the pin and the shoulder are the most severely worn places during the processing.
After processing the 1105 mm length, the pin shape is still conical and the depression is not observed
(Figure 3b). Further processing results in gradual changing the pin shape from conical to nearly
cylindrical one. A circular shape depression is gradually formed on the shoulder around the base of
the pin in the course of processing.
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Figure 3. General view of the tool before friction stir processing (FSP) (a), after traversing 1105 mm (b),
2335 mm (c), and 2755 mm (d).

Figure 4 shows typical 3D images of the tool worn surfaces before processing and after traversing
2755 mm. The surface morphology changed significantly. The adherent layers are represented by
ridges generally oriented along the direction of rotation, with sparse pits formed due to adhesion and
detachment of the transfer layer during processing. Despite the fact that the maximum wear of the
shoulder is observed closer to the pin, there are no regular morphological features other than the fact
that the shoulder roughness is higher in this area. In particular, the roughness of the pin tip surface
after FSP was Ra = 15.6 μm, the average shoulder roughness was Ra = 13.6 μm, and the shoulder
roughness around the pin was Ra = 26.2 μm (the pin and shoulder roughness before processing was
Ra = 1.55 and Ra = 1.15 μm, respectively).

Figure 5 shows an SEM backscattered-electron (BSE) image of the tool worn surface after traversing
2755 mm and energy-dispersive X-ray spectroscopy (EDX) maps of Ti and W. Lighter band areas in
the SEM BSE image correspond to the metal enriched with the tool material elements. It is suggested
that the transfer layer was oxidized, embrittled, and detached from the tool surface when retracted
from the titanium and no more protected by the argon. Therefore, this layer’s fragments may be easily
detached during the next FSP pass. Tungsten is also observed in deposited titanium layers, indicating
the diffusion of the tool elements into the transfer layer.

The axial cross-sectional view of the tool after traversing 2755 mm is shown in Figure 6 with
superimposed drawing of the initial tool geometry. The highest wear is observed in the shoulder region
at the base of the pin. The initial profile height loss in this zone is as high as 1 mm. The shoulder region
closer to the edge is less worn so that its height loss was 0.25 mm. The pin height remained unchanged.
In our opinion, such a non-uniform wear type may be of consequences as follows. Firstly, the reduced
diameter at the base of the pin can lead to insufficient heat production because of lower friction velocity
and hence to poor stirring. Secondly, the pin height does not change with the shoulder wear and
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therefore the tool may plunge deeper into the material. As a result, the pin can come into contact with
the substrate and stick to it, or the substrate material can be introduced into the stirring zone.

 

Figure 4. Typical 3D images of the surface morphology of the tool shoulder (a) and pin (c) before
processing and the shoulder (b) and pin (d) after traversing 2755 mm.

 

Figure 5. SEM BSE image of the tool friction surface after traversing 2755 mm and EDX maps of Ti
and W.

 

Figure 6. Axial cross-sectional view of the tool after traversing 2755 mm with superimposed drawing
of the initial tool geometry.
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Costa et al. [31], despite a different pin geometry, observed a similar wear pattern of a tool from a
similar Mar-M247 alloy. The authors explained the wear behavior by material overheating that causes
recrystallization of the alloy, carbide formation, and oxygen diffusion, which led to cracking of the
surface layers and adhesive wear. The tool damage was avoided, as reported, using the argon shielding.
However, there is no explanation why the maximum wear occurs closer to the tool axis. Formation of
the annular depression around the pin was explained by Liu et al. [36] using the contact melting theory
when they observed a similar concavity formed by friction in the center of a coating rod after deposition.
Despite the fact that the friction velocity decreases closer to the center, heat transfer is impeded in this
region, as the thermal energy mainly flows from the outer radius inwards and outwards. Therefore,
the rod center becomes the point where the energy is concentrated and a quasi-liquid layer is formed.
That is why the wear in the center is maximum. Such an explanation seems to hold good for the case of
tool wear in FSP. However, as shown [31], the formation of a depression was avoided simply by using
argon shielding, which could not greatly affect the heat transfer conditions. Nevertheless, contact
melting might explain the fact that the surface layer material was recrystallized.

Generally, the heat-resistant superalloy tool wear is very specific in the case of welding on titanium.
For instance, in FSW with steel tool on aluminum alloys the most severe wear is experienced by the
pin’s end. It was shown [37] even that the pin end experienced plastic deformation. The similar
wear pattern was observed on the H13 tool after welding on CuCrZr alloy [38]. FSW on Ti-6Al-4V
carried out using similar configuration tools made of other materials also demonstrated different type
of wear [16]. In particular, a W-La tool experienced severe plastic deformation while those made of
WC-Co demonstrated brittle fracture.

An indication of the adhesive wear mechanism can be the diffusion of the tool elements into the
transfer layer that remained on the friction surface after processing. Figure 7 shows an SEM image of
the tool axial section and EDX maps of Ti and tool elements. The maps demonstrate that the main
elements of the tool diffuse into the adherent titanium layer. The diffusion of Al is especially high.
However, there is almost no titanium in the tool material. This is probably due to the fact that titanium
rich layers of the tool are immediately removed during processing. Yet, the observed diffusion may be
evidence of adhesive wear.

 

Figure 7. SEM image of the tool axial section and EDX maps of Ti and tool elements.
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3.2. Structure of the Tool

According to metallographic images of the tool and the base ZhS6U alloy (Figure 8), the structure
at this scale is represented by arrays of γ-phase dendrites. The high-contrast bright objects at the
array boundaries are carbides characteristic of the alloy. The shape of the arrays generally tends
to be equiaxed after FSP both in the base material and in the tool. As a result of the thermal effect,
the structural elements grew considerably. The size of dendritic arrays, the primary and secondary
dendrite arm spacings increased by a factor of 3. The measurement results are given in Table 3.
It is characteristic that the structure changed uniformly throughout the tool. The array sizes and
the dendrite arm spacings did not change as well as the amount of carbides did not increase in the
subsurface region. The thickness of the adherent titanium layer on the tool is in the range of 30–80 μm,
which is consistent with the surface morphology measurements. The change in contrast near the worn
surface is caused by over-etching due to surface tension at the edge of the specimen when it was
removed from the reagent.

Table 3. Characteristics of microstructural elements.

Characteristics Base Material Tool

Dendritic array size, mm 0.27 ± 0.09 0.8 ± 0.3

Primary dendrite arm spacing, μm 66 ± 5 191 ± 31

Secondary dendrite arm spacing, μm 14 ± 1 44 ± 6

Volume fraction of carbides, % 1.28 ± 0.07 1.14 ± 0.04

Average carbide size, μm 1.8 ± 1.5 3 ± 3

Average γ’ cube size 0.6 ± 0.2 0.6 ± 0.2

 

Figure 8. Metallographic images of the tool axial section after traversing 2755 mm (a,c) and the base
ZhS6U alloy (b).
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Figure 9 shows SEM BSE images of the base ZhS6U alloy structure and the tool structure.
The images highlight the dendritic array boundaries decorated with eutectics and carbides of heavy
metals, which mainly include Ti, W, Mo, and Nb [39]. In addition, irregular carbides and eutectics
are often located in the interdendritic spaces [40]. At a finer level, the alloy structure is represented
by γ’-phase cubes [41]. The measurement results for these structural elements show that the carbide
volume fraction decreased slightly after FSP (Table 3), while the average carbide size increased by a
factor of more than 1.5. The carbide size measurements have low accuracy because of the large size
scatter in the range of 0.7–5 μm. The size change of carbides at their almost constant volume fraction is
related to the coagulation of particles that occurs as dendrites grow during recrystallization. The size
of γ’ cubes remained unchanged as a result of the thermal effect. The material below the tool friction
surface as well as below the adherent titanium layer also revealed no specific feature. Figure 9b was
obtained in the same region as the optical image of Figure 8c.

 

Figure 9. Cross-sectional SEM images of the base ZhS6U alloy (a,c) and the tool material after traversing
2755 mm (b,d). Figure 9b corresponds to Figure 8c.

3.3. Quality of Friction Stir Processing

The processing quality here refers to the structure of the weld and its mechanical properties.
Figure 10 shows the cross-sectional metallographic images of FSPed material in different regions:
at distances 5, 560, and 2755 mm from the starting point of the weld. According to metallographic
analysis, the general view of the weld and the characteristic view of structural zones in all processing
regions are the same for all samples. The weld structure exhibits two typical zones: stir zone (SZ)
consisting of small recrystallized grains of titanium alloy, and thermomechanically affected zone
(TMAZ). The rest is the base material. The heat affected zone, which is usually located between
the base metal and TMAZ, is often absent or not detected in titanium alloys. The TMAZ in FSPed
titanium alloy is narrow as compared to that of obtained on materials, with the average thickness of
about 0.25 mm. The geometry of the structural zones is generally symmetrical about the weld axis.
Their shapes in different processing regions differ slightly. The SZ area gradually decreases with the
tool wear: from 11.11 mm2 in the first sample to 8.03 mm2 in the last one. This occurs because the pin
diameter is reduced as the tool is worn.
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Samples for metallographic analysis were cut approximately every 250 mm along the weld length.
The sample cut at a distance of 5 mm from the starting point has no discontinuities and appears
typical of the FSPed metals. The first discontinuities are observed in the sample cut at 560 mm
distance, at the SZ boundary on the retreating side of the weld. These discontinuities grew with
the processing time as well as new ones formed, including those on the advancing side. A sharp
increase in the number of discontinuities is observed at ≈2300 mm distance. There are also oxides in
the SZ, despite the fact that the processing was conducted in argon. As in the case with discontinuities,
the first samples exhibit almost no traces of oxides, which become more pronounced with distance.
The formation of discontinuities is associated specifically with the tool wear, because the tool geometry
change induces a change in the mass transfer trajectory. At constant processing parameters, this
leads to a change in heat production and deformation and, as a consequence, to non-optimal stirring
conditions. The gradual emergence of oxides in the weld is presumably due to oxide accumulation on
the tool surface. When processing is stopped, the tool is retracted from the material and the argon
shield is removed. The extracted FSP tool is always covered with a layer of the processed metal.
In our case, the adherent transfer layer was actively oxidized at high temperature in air and could be
introduced into the material during the next pass. Oxides are gradually stirred into the material during
processing together with the already present defects. The oxidized metal is located at the edges of the
transfer layers, due to which the cohesive forces between the layers are reduced and delamination
occurs. Ultimately, the oxide regions become the sites of discontinuity formation. The total area of all
discontinuities in the cross section was 0.07 mm2 at 5 mm distance, 0.15 mm2 at 560 mm, and 0.79 mm2

at 2755 mm.

 

Figure 10. Cross-sectional metallographic images of FSPed material at 5 mm (a), 560 mm (b),
and 2755 mm (c) from the weld start.

Friction stir processing resulted in a recrystallized and considerably refined alloy structure, which
is typical of FSP [42]. In particular, the SZ exhibits equiaxed solid solution grains of size 8 ± 2 μm
(Figure 11a), while the base metal consisted of 54 ± 11 μm grains. The grain size in the SZ did not
change with tool wear. The solid solution grains also exhibit banded structures similar to twins.
Twinning is not typical of commercially pure titanium under ordinary conditions, but it occurs at low
temperatures, e.g., in cold rolling [43], and/or at high strain rates. The twining was earlier observed
in FSWed on commercially pure titanium [44] and explained by the lack of slip systems at a high
strain rate.

The admixed oxides in the SZ are surrounded by martensite (Figure 11b), which is not characteristic
of the studied alloy. Commercially pure titanium belongs to α-phase materials. As shown [45], heating
above the phase transition temperature and rapid cooling (>100 ◦C/s) can cause the formation of α’
martensite from the melt under high thermal stresses. However, such temperatures and cooling rates
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are not achieved during FSP, while high stresses are present. Therefore, the occurrence of martensite
may be explained by alloying with the tool metal. The oxidized martensitic regions contain tool
particles stirred during wear together with transfer layers into the processed metal. As a result of
diffusion, these particles dope the surrounding material with W, Al, Ni, and other atoms and induce
the formation of martensite.

 

Figure 11. SEM images of the grain structure in the stir zone (SZ) (a) and oxidized regions (b).

Figure 12 shows the results of quasi-static tensile tests for the SZ of specimens. The ultimate tensile
strength of the processed material first increased by ≈25% as compared to the base metal strength of
350 MPa. With tool wear, the tensile strength of the specimens decreased and reached 375 MPa after
traversing 2700 mm, which is by ≈7% higher than the base metal strength. A sharp decrease in strength
is observed at 500 mm distance corresponding to the formation of first macrodefects. The second
sharp drop at 2300 mm is also related to a drastic increase in the number of discontinuities. Therefore,
the strength reduction is associated primarily with the growth of defects during tool wear, which
leads to insufficient heating and poor stirring of the material. Despite the weld strength exceeds the
base alloy strength, this result is not satisfactory, because the presence of macrodefects makes the
weld performance unreliable under fatigue loading. The maximum elongation at fracture diminished
by a factor of 2. The processed material showed the plasticity level to be independent of the FSW
tool wear. The same was true for the stir zone microhardness numbers, which were 1.5 ± 0.1 GPa,
1.4 ± 0.1 GPa, and 1.6 ± 0.1 GPa for 20 mm, 500 mm, and 2700 mm processed length, respectively.
The base metal microhardness was 1.3 ± 0.1 GPa. Such a moderate hardening was the result of severe
plastic deformation during FSP.

 

Figure 12. Dependence of the weld strength on the tool wear (a) and stress–strain curves of friction stir
processed welds at different weld lengths (b).
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The formation of defects during tool wear can be avoided by changing the processing parameters,
e.g., the axial load. An increase in the load will lead to greater heat production, enhanced adhesion,
and therefore better stirring. Although this method is complicated, it may be a temporary solution.
The tool life can be extended by using liquid cooling on the back side of the tool to minimize the
contact melting and recrystallization effects. One more cause of softening is an increase in the amount
of oxides introduced into the SZ from the tool. This problem can be solved by blowing the tool with
argon after retracting it from titanium. The given solution requires a large consumption of argon, but it
can help avoiding the oxidation of titanium transferred on the friction surface of the tool.

4. Conclusions

This study explored the durability of a ZhS6U Ni-based superalloy tool in FSP of commercially
pure titanium and the effect of the tool wear on the weld quality. The total length of the weld produced
by the tool without failure comprised 2755 mm. The highest wear was observed at the base of the
pin which lost its conical shape during processing and a 1 mm deep circular depression formed in
the shoulder near the pin. Analysis of the adherent transfer layer on the tool retracted from titanium
revealed the presence of ZhS6U alloy constituents, which is indicative of diffusion during FSP. Thus,
the wear occurs by an adhesive mechanism. It was also found that the tool overheating during FSP
leads to the recrystallization of ZhS6U alloy. In particular, the size of dendritic arrays as well as the
primary and secondary dendrite arm spacings increased by a factor of 3. The size of heavy metal
carbides increased almost twice, while their volume fraction did not change. The size of γ’ cubes also
remained unchanged.

The tool wear resulted in macrostructural changes in the processed material. The SZ area was
reduced, while the number and size of macrodefects increased with the tool wear. The defects included
discontinuities caused by insufficient heating as well as oxide particles admixed. The oxides formed
on the tool after it was retracted from titanium and then were stirred into the workpiece during the
next pass. As a result of FSP, commercially pure titanium recrystallized. The solid solution grain size
decreased by a factor of ≈6.5, inducing significant hardening. The first FSP samples had tensile strength
of ≈435 MPa, which was 25% higher than that of the base metal (350 MPa). After traversing 2700 mm
the tensile strength decreased to 375 MPa due to the increased number and size of macrodefects.

In general, ZhS6U alloy proved to be suitable for making the FSP tool for titanium. However,
its use requires liquid cooling of the tool during FSP to avoid overheating. Argon shielding is also
needed to avoid oxidation of the adherent transfer layer on the extracted tool while it is cooled.

Author Contributions: Conceptualization, A.E. and V.R.; investigation, A.A., A.E., and A.F.; resources, E.K. and
V.R.; writing—original draft preparation, A.A. and A.E.; writing—review and editing, E.K. All authors have read
and agreed to the published version of the manuscript.

Funding: The reported study was funded by RFBR, Project No. 19-33-90187. SEM investigations was performed
under the government statement of work for ISPMS SB RAS Project No. III.23.2.4.

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Peters, M.; Hemptenmacher, J.; Kumpfert, J.; Leyens, C. Structure and Properties of Titanium and Titanium
Alloys. In Titanium and Titanium Alloys; Leyens, C., Peters, M., Eds.; Wiley-VCH: Weinheim, Germany, 2005.

2. Sizova, O.; Shlyakhova, G.; Kolubaev, A.; Kolubaev, E.A.; Psakhie, S.G.; Rudenskii, G.; Chernyavsky, A.G.;
Lopota, V. Microstructure Features of Aluminum Alloys Welded Joint Obtained by Friction Stir Welding.
Adv. Mater. Res. 2013, 872, 174–179. [CrossRef]

3. Eliseev, A.A.; Fortuna, S.V.; Kalashnikova, T.A.; Chumaevskii, A.V.; Kolubaev, E.A. Structural Phase Evolution
in Ultrasonic-Assisted Friction Stir Welded 2195 Aluminum Alloy Joints. Russ. Phys. J. 2017, 60, 1022–1026.
[CrossRef]

4. Tarasov, S.Y.; Rubtsov, V.E.; Kolubaev, E.A. A proposed diffusion-controlled wear mechanism of alloy steel
friction stir welding (FSW) tools used on an aluminum alloy. Wear 2014, 318, 130–134. [CrossRef]

68



Metals 2020, 10, 799

5. Sato, Y.S.; Park, S.H.C.; Matsunaga, A.; Honda, A.; Kokawa, H. Novel production for highly formable Mg
alloy plate. J. Mater. Sci. 2005, 3, 637–642. [CrossRef]

6. Kalashnikova, T.A.; Kalashnikov, K.N.; Shvedov, M.A.; Vasilyev, P.A. Structure and properties of copper
compensator joints obtained by hybrid friction stir welding technology. Met. Work. Mater. Sci. 2019, 21,
85–93. [CrossRef]

7. Kalashnikova, T.A.; Gusarova, A.V.; Chumaevskii, A.V.; Knyazhev, E.O.; Shvedov, M.A.; Vasilyev, P.A.
Regularities of composite materials formation using additive electron-beam technology, friction stir welding
and friction stir processing. Met. Work. Mater. Sci. 2019, 21, 94–112. [CrossRef]

8. Mishra, R.S.; Ma, Z.Y. Friction stir welding and processing. Mater. Sci. Eng. R 2005, 50, 1–78. [CrossRef]
9. Nandan, R.; Debroy, T.; Bhadeshia, H. Recent advances in friction-stir welding—Process, weldment structure

and properties. Prog. Mater. Sci. 2008, 53, 980–1023. [CrossRef]
10. Farias, A.; Batalha, G.F.; Prados, E.F.; Magnabosco, R.; Delijaicov, S. Tool wear evaluations in friction stir

processing of commercial titanium Ti–6Al–4V. Wear 2013, 302, 1327–1333. [CrossRef]
11. Liu, H.J.; Zhou, L.; Liu, Q.W. Microstructural evolution mechanism of hydrogenated Ti–6Al–4V in the friction

stir welding and post-weld dehydrogenation process. Scr. Mater. 2009, 61, 1008–1011. [CrossRef]
12. Zhou, L.; Liu, H.J. Effect of 0.3 wt.% hydrogen addition on microstructural evolution of Ti–6Al–4V alloy

in the friction stir welding and post-weld dehydrogenation process. Mater. Charact. 2011, 62, 1036–1041.
[CrossRef]

13. Wu, L.H.; Xue, P.; Xiao, B.L.; Ma, Z.Y. Achieving superior low-temperature superplasticity for lamellar
microstructure in nugget of a friction stir welded Ti-6Al-4V joint. Scripta Mater. 2016, 122, 26–30. [CrossRef]

14. Li, B.; Shen, Y.; Hu, W.; Luo, L. Surface modification of Ti–6Al–4V alloy via friction-stir processing:
Microstructure evolution and dry sliding wear performance. Surf. Coat. Technol. 2014, 239, 160–170.
[CrossRef]

15. Pilchak, A.L.; Tang, W.; Sahiner, H.; Reynolds, A.P.; Williams, J.C. Microstructure Evolution during Friction
Stir Welding of Mill-Annealed Ti-6Al-4V. Metall. Mater. Trans. A 2010, 42, 745–762. [CrossRef]

16. Wang, J.; Su, J.; Mishra, R.S.; Xu, R.; Baumann, J.A. A Preliminary Study of Deformation Behavior of Friction
Stir Welded Ti-6Al-4V. J. Mater. Eng. Perform. 2014, 23, 3027–3033. [CrossRef]

17. Lippold, J.C.; Livingston, J.J. Microstructure Evolution During Friction Stir Processing and Hot Torsion
Simulation of Ti-6Al-4V. Metall. Mater. Trans. A 2013, 44, 3815–3825. [CrossRef]

18. Fall, A.; Fesharaki, M.; Khodabandeh, A.; Jahazi, M. Tool Wear Characteristics and Effect on Microstructure
in Ti-6Al-4V Friction Stir Welded Joints. Metals 2016, 6, 275. [CrossRef]

19. Edwards, P.D.; Ramulu, M. Comparative study of fatigue and fracture in friction stir and electron beam welds
of 24mm thick titanium alloy Ti-6Al-4V. Fatigue Fract. Eng Mater. Struct. 2016, 39, 1226–1240. [CrossRef]

20. Muzvidziwa, M.; Okazaki, M.; Suzuki, K.; Hirano, S. Role of microstructure on the fatigue crack propagation
behavior of a friction stir welded Ti–6Al–4V. Mater. Sci. Eng. A 2016, 652, 59–68. [CrossRef]

21. Yoon, S.; Ueji, R.; Fujii, H. Effect of initial microstructure on Ti–6Al–4V joint by friction stir welding. Mater. Des.
2015, 88, 1269–1276. [CrossRef]

22. Sato, Y.S.; Susukida, S.; Kokawa, H.; Omori, T.; Ishida, K.; Imano, S.; Park, S.H.C.; Sugimoto, I.; Hirano, S.
Wear of cobalt-based alloy tool during friction stir welding of Ti-6Al-4V alloy. In Proceedings of the 11th
International Symposium on FrictionStir Welding, Cambridge, UK, 17–19 May 2016.

23. Mironov, S.; Zhang, Y.; Sato, Y.S.; Kokawa, H. Crystallography of transformed b microstructure in friction
stir welded Ti–6Al–4V alloy. Scr. Mater. 2008, 59, 511–514. [CrossRef]

24. Mironov, S.; Zhang, Y.; Sato, Y.S.; Kokawa, H. Development of grain structure in b-phase field during friction
stir welding of Ti–6Al–4V alloy. Scr. Mater. 2008, 59, 27–30. [CrossRef]

25. Zhang, Y.; Sato, Y.S.; Kokawa, H.; Park, S.H.C.; Hirano, S. Microstructural characteristics and mechanical
properties of Ti–6Al–4V friction stir welds. Mater. Sci. Eng. A 2008, 485, 448–455. [CrossRef]

26. Wu, L.H.; Wang, D.; Xiao, B.L.; Ma, Z.Y. Tool wear and its effect on microstructure and properties of friction
stir processed Ti–6Al–4V. Mater. Chem. Phys. 2014, 146, 512–522. [CrossRef]

27. Zhang, Y.; Sato, Y.S.; Kokawa, H.; Park, S.H.C.; Hirano, S. Stir zone microstructure of commercial purity
titanium friction stir welded using pcBN tool. Mater. Sci. Eng. A 2008, 488, 25–30. [CrossRef]

28. Rai, R.; De, A.; Bhadeshia, H.K.D.H.; DebRoy, T. Review: Friction stir welding tools. Sci. Technol. Weld. Join.
2011, 16, 325–342. [CrossRef]

69



Metals 2020, 10, 799

29. Mironov, S.; Sato, Y.S.; Kokawa, H. Friction-stir welding and processing of Ti-6Al-4V titanium alloy: A review.
J. Mater. Sci. Technol. 2018, 34, 58–72. [CrossRef]

30. Amirov, A.I.; Utyaganova, V.R.; Beloborodov, V.A.; Eliseev, A.A. Formation features of a welding joint of
alloy Grade2 by the friction stir welding using temperature resistant tools. Met. Work. Mater. Sci. 2019, 21,
72–82. [CrossRef]

31. Costa, A.M.S.; Oliveira, J.P.; Pereira, V.F.; Nunes, C.A.; Ramirez, A.J.; Tschiptschin, A.P. Ni-based Mar-M247
superalloy as a friction stir processing tool. J. Mater. Process. Tech. 2018, 262, 605–614. [CrossRef]

32. Nakazawa, T.; Sato, Y.S.; Kokawa, H.; Ishida, K.; Omori, T.; Tanaka, K.; Sakairi, K. Friction Stir Welding
of Steels Using a Tool Made of Iridium-Containing Nickel Base Superalloy. In Friction Stir Welding and
Processing VIII; Mishra, R.S., Mahoney, M.W., Sato, Y., Hovanski, Y., Eds.; Springer: Cham, Switzerland, 2015.

33. Kablov, E.N.; Petrushin, N.V.; Parfenovich, P.I. Design of castable refractory nickel alloys with polycrystalline
structure. Met. Sci. Heat Treat. 2018, 60, 106–114. [CrossRef]

34. Amirov, A.I.; Eliseev, A.A.; Rubtsov, V.E.; Utyaganova, V.R. Butt friction stir welding of commercially pure
titanium by the tool from a heat-resistant nickel alloy. AIP Conf. Proc. 2019, 2167, 020016.

35. ISO 6892-1-2016 Metallic Materials. Tensile Testing. Part 1: Method of Test at Room Temperature; CENELEC:
Brussel, Belgium, 2016.

36. Liu, X.M.; Zou, Z.D.; Zhang, Y.H.; Qu, S.Y.; Wang, X.H. Transferring mechanism of the coating rod in friction
surfacing. Surf. Coat. Technol. 2008, 202, 1889–1894. [CrossRef]

37. Bevilacqua, M.; Ciarapica, F.; Forcellese, A.; Simoncini, M. Comparison among the environmental impact
of solid state and fusion welding processes in joining an aluminium alloy. Proc. Inst. Mech. Eng. Part B J.
Eng. Manuf. 2020, 234, 140–156. [CrossRef]

38. Sahlot, P.; Jha, K.; Dey, G.K.; Arora, A. Quantitative wear analysis of H13 steel tool during friction stir
welding of Cu-0.8%Cr-0.1%Zr alloy. Wear 2017, 378–379, 82–89. [CrossRef]

39. Zhou, T.; Ding, H.; Ma, X.; Feng, W.; Zhao, H.; Li, A.; Meng, Y.; Zhang, H. A comparison study of the thermal
fatigue properties of three Ni-based cast superalloys cycled from 20 to 1100 ◦C. Adv. Eng. Mater. 2019, 21,
1900054. [CrossRef]

40. Wang, L.N.; Sun, X.F.; Guan, H.R. Effect of melt heat treatment on MC carbide formation in nickel-based
superalloy K465. Results Phys. 2017, 7, 2111–2117. [CrossRef]
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Abstract: The method of electromagnetic casting (EMC) was used to produce the long-length rod
billet (with a diameter 12 mm) of aluminum alloy containing 0.6 wt.% Zr, 0.4%Fe, and 0.4%Si.
The combination of high cooling rate (≈104 K/s) during alloy solidification and high temperature
before casting (≈830 ◦C) caused zirconium to dissolve almost completely in the aluminum solid
solution (Al). Additions of iron and silicon were completed in the uniformly distributed eutectic
Al8Fe2Si phase particles with an average size of less than 1 μm. Such fine microstructure of the
experimental alloy in as-cast state provides excellent deformability during wire production using
direct cold drawing of EMC rod (94% reduction). TEM study of structure evolution in the as-drawn
3 mm wire revealed the onset of Al3Zr (L12) nanoparticle formation at 300 ◦C and almost-complete
decomposition of (Al) at 400 ◦C. The distribution of Zr-containing nanoparticles is quite homogeneous,
with their average size not exceeding 10 nm. Experimental wire alloy had the ultimate tensile strength
(UTS) and electrical conductivity (EC) (234 MPa and 55.6 IACS, respectively) meeting the AT2 type
specification. At the same time, the maximum heating temperature was much higher (400 versus
230 ◦C) and meets the AT4 type specification.

Keywords: aluminum-zirconium wire alloys; electromagnetic casting; drawing; electrical
conductivity; phase composition; nanoparticles

1. Introduction

Aluminum alloys containing the addition of zirconium (0.2–0.4 wt.%) are widely used for
manufacturing of heat resistant wires. Such alloys possess the improved combination of electrical
conductivity, mechanical properties, and, particularly, thermal stability [1–3]. The most common
commercial technology for wire rods production (including Al–Zr alloys) is the technology of continuous
casting and rolling (CCR) realized in Properzi and Southwire rolling mills [4,5]. To meet the American
Society for Testing and Materials (ASTM) specification (AT1-AT4 types) for the heat resistance [1],
the microstructure should have a sufficient amount of Zr-containing precipitates (of metastable phase
Al3Zr having L12 crystal lattice) [6]. These precipitates should have a size within 10 nm and uniform
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distribution. To obtain such nanoparticles, zirconium should be fully dissolved in the aluminum
solid solution (hereinafter (Al)) during solidification. Nanoparticles of Al3Zr phase form during
decomposition of the supersaturated aluminum solid solution (hereinafter (Al)) [7–11]. At the same
time, to meet the ASTM specification for electrical conductivity, the concentration of Zr in (Al) should
be as minimal as possible. The microstructure of Al–Zr wire alloy depends considerably on the
processing root, particularly melting and casting temperatures and parameters of annealing [6,12,13].
As a rule, the CCR wire rods are subjected to annealing at temperatures above 350 ◦C during a long
time of holding. Moreover, complete (Al) decomposition and formation of a sufficient number of L12

nanoparticles requires holding CCR wire rods for hundreds of hours.
As shown earlier [14], electromagnetic casting (EMC) provides sufficiently high casting

temperatures and ultra-high solidification rates (103–104 K/s) and allows the production of long
rod billets with a diameter of 8–12 mm. This rapid solidification in the EMC method corresponds to
the solidification of granules, which is realized in the RS/PM (rapid solidification/powder metallurgy)
method [15,16]. This method has been most successfully applied to obtain alloys with a high
content of transition metals, including zirconium. Recently, it was shown that for the experimental
Al–0.6Zr–0.4Fe–0.4Si (wt.%) alloy in the form of a long 8 mm diameter ingot that the EMC method was
very suitable for wire alloys with increased content of zirconium [17]. The technological route used in
this work included operations of rolling and intermediate annealing. Based on these results, the aim of
this work was to study the structure and properties of the aluminum wire alloy containing 0.6%Zr,
obtained using direct cold drawing from an as-cast 12 mm diameter EMC rod.

2. Experimental Methods

The experimental alloy in form of the long rod billets with a diameter of 12 mm and ≈20 m in
length was obtained by EMC using equipment of the Research and Production Centre of Magnetic
Hydrodynamics (Krasnoyarsk, Russia) [18]. This equipment consisted of an induction furnace,
magnetic hydrodynamic (MHD)-stirrer, dosing trough, and electromagnetic crystallizer. Coolant
from a cooling reservoir was supplied to the workpiece directly, which provides high cooling speed.
The alloy was smelted in a graphite-chased crucible from commercial aluminum (99.5 wt.%) and
master alloys (containing zirconium, iron, and silicon) at ≈850 ◦C. The temperature of melt before
casting (≈830 ◦C) was higher than the liquidus temperature (822 ◦C).

The wire (3 mm diameter) was manufactured from the as-cast EMC rod on a dragging mill (the
reduction ratio was 94%). This wire was studied in as-drawn state and after annealing at 300–400 ◦C
(Figure 1). To estimate the effect of deformation on the decomposition of (Al) during annealing, a
2 mm strip was made additionally from the as-cast EMC billet by cold rolling. This strip was annealed
together with the EMC rod at 300–600 ◦C. The annealing modes used are summarized in Table 1.
It should be noted that the annealing modes used were previously substantiated in [6] for the Al
alloys, which hardened due to the nanoparticles of the L12 phase. Values for the Vickers hardness and
electrical resistivity (ER) were measured at each regime.

The microstructure was examined by means of scanning electron microscopy (SEM, TESCAN
VEGA 3, Tescan Orsay Holding, Brno, Czech Republic), electron microprobe analysis (EMPA, OXFORD
Aztec, Oxford Instruments, Oxfordshire, UK), and transmission electron microscopy (TEM, JEM 2100,
JEOL, Tokyo, Japan), at an accelerating voltage of 200 kV. To study the microstructure, thin foils were
used, produced by jet polishing on a Tenupol-5 machine (Struers, Ballerupcity, Denmark) with the
chemical solution consisting of 20% nitric acid and 80% methanol at a temperature of −25 ◦C and a
voltage of 15 V. The SEM specimens were electrolytically polished at 12 V in an electrolyte containing
six parts C2H5OH, one part HClO4, and one part glycerin.

The Vickers hardness (HV) was measured using a DUROLINE MH-6 universal tester (METKON
Instruments Inc., Bursa, Turkey), with a load of 1 kg and a dwell time of 10 s. The hardness was
measured at least five times at each point. The specific electrical conductivity (EC) of the EMC rod and
the cold rolled strip was determined using the eddy current method with a VE-26NP eddy structures
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cope (CJSC Research institute of introscopy SPEKTR, Moscow, Russia). The electrical resistivity (ER) of
the EMC rod and the strip was calculated from the EC data. The electrical resistivity of the cold drawn
wire was measured in accordance with IEC 60468:1974 standard [19] for straightened samples of at
least 1 m in length in the rectified part.

 
Figure 1. Processing root for experimental wire alloy (see Table 1). CD—cold drawing, A—annealing,
R12—as-cast electromagnetic casting (EMC) rod, and W3—wire.

Table 1. Annealing regimes for EMC rod, strip and wire.

Designation Regime Treatment

R12-EMC casting rod (diameter 12 mm)/S2-cold rolled strip (thickness 2 mm)

R12/S2 As-cast/as-cold rolled
R12-300/S2-300 Annealing at 300 ◦C, 3 h
R12-350/S2-350 R12-300/S2-300 + annealing at 350 ◦C, 3 h
R12-400/S2-400 R12-350/S2-350 + annealing at 400 ◦C, 3 h
R12-450/S2-450 R12-400/S2-400 + annealing at 450 ◦C, 3 h
R12-500/S2-500 R12-450/S2-450 + annealing at 500 ◦C, 3 h
R12-550/S2-550 R12-500/S2-500+ annealing at 550 ◦C, 3 h
R12-600/S2-600 R12-550/S2-550 + annealing at 600 ◦C, 3 h

W–Wire (diameter 3 mm) manufactured by cold drawing of as-cast EMC rod

W3 As-drawn
W3-300 Annealing at 300 ◦C, 3 h
W3-350 W300 + annealing at 350 ◦C, 3 h
W3-400 W350 + annealing at 400 ◦C, 3 h

The as-processed wire specimens were tensile tested at room temperature on a Zwick Z250
(ZwickRoell AG, Ulm, Germany) universal testing machine at a loading rate of 10 mm/min. Yield
strength (YS), ultimate tensile strength (UTS), and elongation to failure (El.) were determined. To obtain
consistent results, five specimens were tested.

The size of the dendritic cells was experimentally determined using metallography from
high-contrast microstructural images processed with appropriate software, Sizer (National University
of Science and Technology MISiS, Moscow, Russia). The Horizontal Lines option was used for
implementing the stereological method of measuring the relative length of the phase regions. To obtain
reliable data, we analyzed at least 10 fields in the microstructure to define the content of each structural
component. The experimental dendritic cell size data were used for evaluating the cooling rate in the
alloy crystallization temperature range using a well-known function [20].
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3. Results and Discussion

3.1. Characterization of as-Cast EMC Rod

Due to the high solidification rate of the as-cast ingot, the microstructure of the experimental alloy
has a fine structure. Only a small quantity of primary Al3Zr phase crystals were revealed (Figure 2a).
According to EMPA, the concentration of zirconium in (Al) was very close to its total content in the
alloy (0.58 versus 0.62%). The measured average size of the dendritic cells was 4.2 ± 1.6 μm (Figure 2b),
which, according coefficients given in [20] for the technical grade aluminum 1050, corresponded to a
cooling rate of about 2.5 × 104 K/s. Iron-bearing particles in the form of thin veins were located along
the boundaries of the dendritic cells. As shown earlier [17], these veins correspond to the Al8Fe2Si
phase. It should be noted that the microstructure was analyzed over the entire cross section of the
ingot, and no significant differences were found between the structural parameters (as well as hardness
values measured in different sections of the ingot). It can be assumed that a relatively small cross
section (12 mm in diameter) and a high cooling rate during solidification provided the formation of a
relatively uniform structure.

  

  

Figure 2. Effect of annealing temperature on microstructures of the EMC rod, SEM: (a,b) as-cast (R0),
(c) 500 ◦C (R500), and (d) 600 ◦C (R600).

Annealing of the as-cast rod at up to 400 ◦C made no visible changes to its microstructure.
The morphology of the Al8Fe2Si phase changed at higher temperatures. Annealing at 450 ◦C produced
spherical particles of this phase, which is preferable to most of the other iron bearing phases (particularly,
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Al3Fe and Al5FeSi) that have a needle-shaped morphology [21–23]. Most of the veins transformed
to globular particles upon annealing at 500 ◦C (Figure 2c). Increasing the annealing temperature
leads to particle enlargement, and the maximum particle size in the R12-600 state (Table 1) reaches
1 μm (Figure 2d). In this state, the alloy also contains precipitates attributable to a stable Zr-bearing
phase [8,24], i.e., Al3Zr (D023). Calculations show [17] that these two phases should be in equilibrium
with (Al) in this state.

3.2. Effect of Annealing on Hardness and Electrical Conductivity

Alloys containing at least 0.4%Zr are known to undergo substantial hardening during the
precipitation of these particles [5]. The EMC rod hardness vs. final annealing stage temperature curve
(Figure 3a) showed that the hardening was significant at 350 ◦C, reaching the highest level at 400 ◦C
(the R12-400 state). Increasing the annealing temperature leads to a significant decrease in HV, which
can be accounted for, primarily, by coarsening of the Al3Zr precipitates [7–11]. The hardness of the cold
rolled strip was higher compared to that of the EMC rod (650 vs. 400 MPa). Deformation hardening
was retained upon strip annealing to 400 ◦C. Annealing at higher temperatures leads to a significant
softening which can be attributed to the formation of recrystallized grains. In a range of 450–500 ◦C, the
hardness of the EMC rod was much higher than that of the strip, but the difference decreased noticeably
with an increase in the annealing temperature. After annealing at 600 ◦C, they had approximately
the same hardness (67–70 HV), mainly because of the coarsening of the Al3Zr precipitates (at this
temperature they should transform completely to the equilibrium D023 phase) [25–28].

 
Figure 3. Hardness (HV) (a) and electrical resistivity (ER) (b) vs. temperature of annealing curves for
EMC rod and cold rolled strip.

The formation of L12 (Al3Zr) nanoparticles leads to a decrease in the Zr concentration in (Al)
according Al–Zr phase diagram [6]. This process promotes the decrease of electrical resistivity [29,30],
as shown in Figure 3b. The ER decreased from 40.8 to 31.2 nΩm for the EMC rod, and from 39.7 to
29.8 nΩm for the cold rolled strip. The decomposition rate of (Al) in the cold rolled strip is higher
than that in the EMC rod. Indeed, in the former case, the minimum ER was reached after annealing at
450 ◦C, while in the latter case it was reached at 550 ◦C. In both cases, these temperatures are higher
than the maximum hardening point (Figure 3a). The increase of ER at higher temperatures can be
accounted for by an increase in the solubility of Zr in (Al) [6,27]. The non-recrystallized structure
was preserved in strip after annealing at up to 400 ◦C (states S2-400). Since the best combination of
hardness and ER in the cold rolled strip was reached after annealing at this temperature, we did not
consider annealing the wire at higher temperatures.

3.3. Structure and Properties of Wire

We supposed the manufacturability of the as-cast EMC rod during drawing was very good.
This was favored as its fine microstructure did not contain coarse intermetallic particles or
inhomogeneities. Cold drawing led to the formation of elongated grains and deformation hardening.
Drawing also crushed initial eutectic Al8Fe2Si phase veins into submicron globular particles (Figure 4a,b).
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It was seen that high-temperature annealing (W400 mod) leads to coarsening of the particles (Figure 4b).
Since the as-drawn state (W3 in Table 1) did not imply heating, (Al) retained all the zirconium, which
dissolved in it during crystallization. Therefore, the ER for all the initial states (R12, S2 and W3)
proved to be close (about 40 nΩm). Figure 5 shows that the ER of the wire and the strip are very close
after annealing.

  

Figure 4. SEM structure of the 3 mm wire after cold drawing (from as-cast EMC rod) and annealing at
300 ◦C (W300, see in Table 1) (a) and 300 + 350 + 400 ◦C (W400 see in Table 1) (b).

Figure 5. Comparison of electrical resistivity (ER) of 3mm wire and 2 mm strip for
Al–0.6%Zr–0.4%Fe–0.4%Si alloy: 1—as-cast, 2—300 ◦C, 3—300 + 350 ◦C, 4—300 + 350 + 400 ◦C.

The structural changes caused by annealing were analyzed in detail using TEM. The structure
annealed at 300 ◦C (state W300 in Table 1) contained (Al) grains and subgrains (Figure 6a), and showed
the onset of Al3Zr (L12) nanoparticles formation (Figure 6b,c). However, relatively large particles
reaching ≈50 nm in size also precipitated at subgrain boundaries (Figure 6d). The presence of Fe- and
Zr-bearing particles were confirmed by the direct energy-dispersive X-ray spectroscopy (EDX) analysis
of their composition. According to ER data (see Figure 4), the decomposition of (Al) after annealing at
300 ◦C should be uncompleted. Thus, part of Zr should remain in (Al).

Annealing at 400 ◦C (state W400 in Table 1) largely changes the TEM structure because of the
formation of multiple L12 nanoparticles inside subgrains (Figure 7b). The distribution of these
nanoparticles were quite homogeneous, with their average size being within 10 nm. The reflections in
the selected-area electron diffraction (SAED) patterns are much brighter (Figure 7c), as compared with
those for the W300 state (Figure 6c). Taking into account the decrease of ER (Figure 3), one can conclude
that (Al) decomposition after annealing at 400 ◦C was almost complete. This structure provides for the
optimal combination of strength, electrical resistivity, and, particularly, thermal stability [31].
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(a) (b) 

  
(c) (d) 

Figure 6. TEM image in the cross section of the experimental alloy after cold drawing and annealing
at 300 ◦C (W300, see in Table 1): (a,c) bright field (BF); (b,d) dark field (DF); (c) BF TEM image and
corresponding SAED patterns (the crystal is close to the [111] zone axis orientation) and (d) DF TEM
image showing Al3Zr phase nanoparticles present in the Al matrix.

  
(a) (b) 

Figure 7. Cont.
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(c) (d) 

Ω

Figure 7. TEM image in the cross section of the Al alloy after cold drawing and annealing at 300 +
350 + 400 ◦C (W400 see in Table 1): (a,c) bright field (BF); (b,d) dark field (DF); (c) BF TEM image and
corresponding SAED patterns (the crystal is close to the [001] zone axis orientation) and (d) DF TEM
image showing Al3Zr phase nanoparticles present in the Al matrix.

At the same time, the precipitates located at the boundaries of the grains and subgrains were much
larger (Figure 7d). They probably formed during the first step of annealing, i.e., at 300 ◦C (Figure 6d).
The fraction of large precipitates were small enough, compared with nanoparticles located inside
subgrains. It should be noted that the size of subgrains do not change significantly, compared to the
W300 state (see Figures 6a and 7a). Thus, Zr-containing nanoparticles stabilize the structure upon
heating up to 400 ◦C, which is extremely important for heat resistant conductive alloys [32,33].

As can be seen from Table 2, the experimental alloy has a good combination of strength and
electrical conductivity (the UTS and EC are 234 MPa and 55.6 IACS, respectively), meeting the AT2 type
specification [1,32]. At the same time, the maximum heating temperature (standard heat resistance
test) was much higher, and mechanical properties obtained meet the AT4 type specification. As can be
seen from Table 1, the total annealing time was less than 10 h and probably can be further decreased
(if to eliminate intermediate steps, see Figure 1). In any case, it is much less than the typical annealing
time for CCR wire rods (hundreds of hours).

Table 2. Mechanical and electrical properties of Al–Zr wire alloys.

Alloy Maximal Temperature of Heating, ◦C UTS,
MPa

YS,
MPa

El,
%

ER,
nΩm

Conductivity,
%IACS

EMC
Al–0.6%Zr(Fe,Si) 400 234 ± 5 207 ± 7 6.8 ± 0.7 31.0 ± 0.1 55.6

AT2/KTAL
(High-Strength

Thermal Resistant
Aluminum Alloy)

230 225–248 - 1.5–2.0 31.347 55.0

AT4/XTAl (Extra
Thermal Resistant
Aluminum Alloy)

400 159–169 - 1.5–2.0 29.726 58.0

The fracture surface of the experimental wire alloy after a tensile test has a homogeneous ductile
fine-dimpled pattern (Figure 8a). The size of the dimples is significantly larger than that of iron-bearing
particles inside the dimples (Figure 8b). No oxides or nonmetallic inclusions were found. Thus, the
EMC technology provides for melt refining, despite high process temperature.
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Figure 8. Fracture surfaces of experimental wire alloy (W400 see in Table 1), SEM, left—back scattered
electron image, right—secondary electron image, (a) small magnification, (b) high magnification.

4. Summary

1. The experimental aluminum alloy, containing 0.6%Zr, 0.4%Fe and 0.4%Si (wt.%), was
manufactured by the method of electromagnetic casting (EMC) in the form of long-length
rod 12 mm in diameter. The as-cast EMC rod has high ductility when cold drawing a wire with
a high degree of deformation (94%). High deformability of as-cast rods can be explained by
favorable microstructure, e.g., small size of the dendritic cells (about 4 μm), submicron eutectic
particles of Al8Fe2Si phase, and almost full dissolving of Zr in Al solid solution.

2. The effect of annealing temperature (up to 600 ◦C) on the hardness and electrical resistivity (ER) of
EMC rod, cold rolled strip, and cold drawn wire were studied. It was shown that the temperature
dependences of ER for the cold deformed strip and the wire were very close. The best combination
of hardness and ER in the cold rolled strip was reached after annealing at 400 ◦C.

3. TEM study of structure evolution in the as-drawn wire revealed the onset of Al3Zr (L12)
nanoparticle formation at 300 ◦C, and almost complete decomposition of (Al) at 400 ◦C.
The distribution of the nanoparticles was quite homogeneous, with their average size not
exceeding 10 nm. At the same time, the precipitates at subgrain boundaries were much larger.
Zr-containing nanoparticles allow one to stabilize the structure upon heating up to 400 ◦C, which
is extremely important for heat resistant conductive alloys.

4. The experimental wire alloy has UTS and EC (234 MPa and 55.6 IACS, respectively) meeting
the AT2 type specification. At the same time, the maximum heating temperature was much
higher (400 versus 230 ◦C) and mechanical properties obtained meet the AT4 type specification.
The possibility of electromagnetic casting of wire rods suitable for direct cold drawing would be
a substantial economic advantage.
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Abstract: In this study, we combined both a high strength Al-8%Zn-3%Mg aluminum matrix and
a reinforcing contribution of Al3Ni intermetallics in Al8Zn7Ni3Mg hypereutectic alloy with a tuned
microstructure via a variation of cooling rates from 0.1 K/s to 2.3 × 105 K/s. Using the Thermo-
Calc software, we analyzed the effect of nickel content on the phase equilibria during solidification
and found out that 7%Ni provides a formation of equal fractions of primary (6.5 vol.%) and
eutectic (6.3 vol.%) crystals of the Al3Ni phase. Using microstructural analysis, a refinement of
intermetallics with an increase in cooling rate was observed. It is remarkable that the structure after
solidification at ~103 K/s across 1 mm flake casting consists of a quasi-eutectic with 1.5 μm Al3Ni
fibers, while an increase in the cooling rate to ~105 K/s after melt spinning leads to the formation of
50 nm equiaxed Al3Ni particles. Under these conditions, the alloy showed an aging response at
200 ◦C, resulting in hardness of 200 HV and 220 HV, respectively. After 470 ◦C annealing, the fibers
in the 1 mm sample evolved to needles. However, in melt-spun ribbons, the particles were kept
globular and small-sized. Overall, the results may greatly contribute to the development of new
eutectic type composites for rapid solidification methods.

Keywords: composite materials; hypereutectic aluminum alloys; Al-Zn-Mg alloys; rapid solidification;
eutectic; CALPHAD; microstructure; intermetallics; precipitation hardening

1. Introduction

Due to the growing demand in strong lightweight materials, numerous studies have been
dedicated to increase aluminum alloys strength. Since the Al-Zn-Mg-(Cu) alloys (7xxx) are the class
of Al-based materials with the highest strength, their application has made advances for years in
aircraft and space components [1,2]. The most common approaches toward the strengthening of 7xxx
alloys are precipitation hardening and work hardening [3–5]. According to [6], conventional 7075
alloy may have 600 MPa tensile strength (T6), while by using the complex alloying and processing
techniques the properties can be further enhanced. For example, according to [7], the von Mises yield
rule of the dislocation theory, based on the yield prediction of the isotropic material under complex
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loading condition, says that they can reach more than 1148 GPa yield strength. This value was partially
confirmed in some studies [8–10], where about 700–900 MPa tensile strength was achieved as a result
of a raise in the overall content (Zn +Mg + Cu), addition of precipitation inoculants like Ag or Sc,
and complex thermomechanical treatment, including cold working or severe plastic deformation.
However, the increase in strength can also be achieved by creating a composite material with a high
fraction of in-situ reinforcing particles [11,12]. The accelerated solidification of the alloys, such as
in the case of melt spinning or selective laser melting (hereafter referred to as SLM), can minimize
the decrease in ductility caused by reinforcing particles, while the strength can be significantly
increased via the Orowan looping mechanism [13] or a load transfer [14]. Therefore, we find it worth
considering to strengthen Al-Zn-Mg alloy using an in-situ particulate reinforcing approach which has
been widely implemented for various Al-based materials.

Aluminum matrix composites (AMCs) have become popular during the last decades,
and nowadays the amount of their demand grows along with the requirements for properties of
products and the technology of their fabrication [15]. Most AMCs are post-produced by the introduction
of ceramic particles (e.g., Al2O3, SiC, AlN, etc.) via casting methods (stir/squeeze casting), powder
and granule metallurgy, combustion synthesis, etc. [15–20]. Nevertheless, their fabrication faces
challenges like difficulty in producing a smaller particle size [15] and poor wettability between ceramics
and molten aluminum [20]. These disadvantages cause strong restrictions on their applications,
especially at a high volume of the reinforcement.

Aluminum-based alloying systems offer opportunities to fabricate AMCs reinforced by particles
formed after natural (in-situ) crystallization which provide their homogenous distribution. For example,
the most common commercial eutectic-based Al-Si alloys share many properties of ceramic reinforced
composites [21]. Since the mechanical properties of the AMCs are tuned by controlling the type, size,
morphology, and volume fraction of the filler, the prevalent number of the Al-Si in-situ composites
are hypereutectic (>12%Si) and fabricated using special techniques providing rapid solidification
(hereafter referred to as RS methods) in order to avoid a coarse primary silicon phase and achieve
a quasi-eutectic microstructure phenomena [22,23]. In this case, the strengthening is provided by
the formation of a homogeneously distributed eutectic mixture.

However, the tensile properties of Al–Si composites are low (e.g., UTS < 200 MPa for consolidated
powder product [24]). Moreover, when it comes to 7xxx alloys, it is recognized that silicon is
a harmful impurity since it causes Mg2Si phase formation which leads to a reduction of precipitation
strengthening [25]. This statement is supported by official data presented in the Aluminium Association
standard, e.g., commercial 7075 and 7068 alloys contain up to 0.4 wt.% and 0.12% Si, respectively [26].

Meanwhile, another eutectic-forming element, nickel, does not interact with zinc and magnesium.
The Al3Ni compound has a tensile strength of about 2160 MPa and an acceptable Young modulus of
116–152 GPa that makes it reasonable for reinforcing of aluminum [27]. Moreover, its orthorhombic
lattice provides incoherency toward aluminum [28]. Some near eutectic (<4 wt.%Ni) Al–Zn–Mg–Ni
based on (Al) + Al3Ni eutectic alloys are recognized to be promising as structural materials fabricated
by casting and metal forming technologies [29,30], while Al–Zn–Mg/Al3Ni composites with a high
volume of reinforcement (e.g., at hypereutectic concentrations of nickel) have not been described in
depth. The enhancement of the aging rate along with Al3Ni phase volume fraction was reported in [31].
The 7005/(0–10.4 vol.%) Al3Ni composite was prepared by metal mold gravity casting and there were
particles of more than 50 μm in size. Thus, their contribution into reinforcing is reasonable to be
low. The approach toward refining of Al3Ni primary crystals up to 5 μm by rolling was suggested
in the study on 7050/(5–10 wt.%) Ni composite [7]. It is alleged that the yield strength calculated by
the Orowan equation can get 630 MPa, while the brittle fracture surface was shown. Both these papers
do not consider the RS methods to obtain a quasi-eutectic structure. In an earlier research [32],
the formation of the fully eutectic structure in Al-7%Ni hypereutectic alloy after unidirectional
solidification is reported. In Martínez-Villalobos et al.’s study [33], the same result on Al-8%Ni after
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melt spinning was achieved and an effectiveness of reinforcement was shown to be due to ultrafine
Al3Ni particles formation.

As for matrix, the experiments on melt-spun ribbons of Al-Zn-Mg alloys showed an opportunity
of obtaining a supersaturated solid solution without prior annealing for quenching [34]. The same
result was achieved after rapid solidification released during SLM of 7068 alloy along with providing
precipitation hardening via the aging of as-built parts [35]. In this study, we chose the copper-free
matrix system Al-8%Zn-3%Mg as basis related to the strongest commercial 7xxx alloys (7001, 7090,
7055, etc. [26]). We do not consider copper addition because it causes unreasonable complication
of phase composition, as it is clearly shown in a pivotal research [36] on the optimization of
Al-Zn-Mg-Cu-Ni alloys.

As for reinforcement, the key requirements are to possess a high enough volume of aluminides
particles and an absence of the primary crystals in the structure. Thus, it is mainly desirable to
obtain a fully eutectic structure on the supersaturated matrix field. To ensure a high concentration
of reinforcement particles, the study is dedicated on nickel content of 7% that is substantiated in
the computational section. Since the morphology of the Al3Ni phase can be tuned on the cooling
rate basis, we followed the investigation path via the study of the phase diagrams and experimental
simulation of cooling rate enhancement.

From the above, the current paper aims to investigate the evolution of the solidification path,
structure, and hardness depending on cooling rate variation from slow to rapid solidification of
the Al8Zn7Ni3Mg alloy by thermodynamic calculation and experimental study.

2. Materials and Methods

Initially, we investigated details of Al-8%Zn-3%Mg alloys with various nickel contents,
in particular, solidification path and phase composition using the Thermo-Calc software (Version 3.1,
TCAl4 Al-based alloy database, Thermo-Calc Software AB, Stockholm, Sweden) [37]. Single point
equilibrium, phase diagram, property diagram, and Scheil–Goulliver solidification simulation options
were used.

For the experimental section, the Al8Zn7Ni3Mg alloy was the main test material. The samples
were prepared by melting high-purity aluminum (99.99%Al), zinc (99.97%Zn), magnesium (99.9%Mg),
and Al20%Ni master alloy in a graphite–chamotte crucible using a Nabertherm K 1/13 (Nabertherm
GmbH, Lilienthal, Germany) resistance furnace in an air atmosphere. The melt temperature was kept
at 850 ◦C and the total time of the melting process was about 90 min. The Al20%Ni master alloy was
mixed into the molten aluminum using a graphite stick. Before casting, the melt was purified by dry
C2Cl6 powder. The chemical composition as determined by spectral analysis is presented in Table 1.

Table 1. Chemical composition of the experimental alloy.

Designation
Concentrations, wt. %

Zn Mg Ni Al

Al8Zn7Ni3Mg 7.79 3.13 7.16 Balance

In order to obtain a variety of cooling rates, we provided different solidification conditions.
A portion of molten metal ~50 g was solidified in the furnace, and thus the lowest cooling rate was
achieved (FC sample). Three cooling conditions were provided via casting. We obtained cylindrical
samples of 30 mm and 5 mm in diameter, and a thin flake of less than 1 mm via pouring onto a cold steel
heat sink. The highest cooling rate was induced using a melt spinning (MS sample) of experimental
alloy ingot via pouring a molten metal onto a rotating copper wheel of DVX-II apparatus (Dexing
Magnet Tech. CO. Ltd., Xiamen, China) in an argon gas atmosphere. The linear rotation speed of
the copper wheel was 30 m/s. A general view of the samples is demonstrated in Figure 1.
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Figure 1. Experimental cast samples and melt-spun ribbons: (a) 30 mm cast sample; (b) 5 mm cast
sample; (c) 1 mm cast sample; (d) melt-spun ribbon.

The microstructure was examined by optical microscopy (OM, Axio Observer MAT, Carl Zeiss
Microscopy GmbH, Oberkochen, Germany), scanning electron microscopy (SEM, TESCAN VEGA3,
Tescan Orsay Holding, Brno, Czech Republic) with an electron microprobe analysis system (EMPA,
Oxford Instruments plc, Abingdon, UK), and the Aztec software (Version 3.0, Oxford Instruments plc,
Abingdon, UK). The metallographic samples were ground with SiC abrasive paper and polished with
1 μm diamond suspension. A total of 1% hydrogen fluoride (HF) water solution was used for etching.
To investigate the structure of the melt-spun ribbons, we used transmission electron microscopy (TEM,
JEM-2100, JEOL Ltd., Tokyo, Japan).

The size of the dendritic cells (dendritic parameter, d), as well as of the intermetallics,
was experimentally determined using metallography from high-contrast microstructural images
processed with the appropriate software, ImageJ (National Institutes of Health, Bethesda, MD, USA).
The Horizontal Lines option was used for implementing the stereological method of measuring
the relative length of the phase regions. To obtain reliable data, we analyzed at least 10 fields in
the microstructure for defining the content of each structural component. The experimental dendritic
parameter data were used for evaluating the cooling rate in the alloy crystallization temperature range
using a well-known empirical relationship [38]:

Vc = (A/d)1/n, (1)

where Vc—cooling rate upon solidification in K/s, d—dendritic parameter in μm and A,
n—material-dependent constants.

Since we do not take determination of the precise material dependent constants as a mandatory,
they were taken from [20] for high-strength Al-Zn-Mg-Cu alloys as A = 100 and n = 1/3.

Some samples were selectively subjected to a T5 heat treatment (aging at 200 ◦C for 1 h without
prior quenching) and a T4 heat treatment (470 ◦C for 1 h). To control the properties evolved, a Vickers’
hardness test at a load of 10 g (0.1 N) and 5 s dwell (for the MS sample), and at a load of 1 kg (10 N)
and a dwell time of 10 s (for other samples) was used.

3. Results and Discussion

3.1. Computational Section

The polythermal section shown in Figure 2a indicates that under equilibrium conditions the nickel
addition to the Al-8%Zn-3%Mg alloy significantly influences on the solidification path shifting to
a hypereutectic manner at over 3.6%Ni. The Al-Zn-Mg-Ni system is convenient to study due to
a lack of interaction between Al-Zn-Mg and Al-Ni systems. Thus, all of Zn and Mg are bonded into
the T phase (Al2Mg3Zn3) which is responsible for precipitation hardening of alloys with a Zn/Mg
atomic mass ratio of less than 1 [39]. The liquidus line rises and the equilibrium solidus decreases
slightly with an increase in nickel concentration in hypereutectic alloys. The Al8Zn7Ni3Mg alloy
shows an experimental liquidus and solidus temperature of 665 and 520 ◦C, respectively. However,
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the Scheil–Goulliver simulation showed that the solidification range is much higher than the one
in equilibrium condition and it ends with the proceeding of the [(Al) + Al3Ni + T] reaction at
a temperature of 478 ◦C (dotted line in the polythermal section). The temperatures, determined by
thermal analysis using a single chromel–alumel thermocouple submerged into the melt, sufficiently
agree with the calculated data that especially fair for non-equilibrium solidus. The reactions [L→Al3Ni]
at 659 ◦C, [L+Al3Ni+ (Al)] at 624 ◦C, and [L+Al3Ni+ (Al)+T] at 478 ◦C are detected. On the one hand,
such a low solidus intrinsic to 7xxx alloys deteriorates their hot cracking tolerance in some RS methods,
like SLM [40]. On the other hand, having a high volume of eutectic may lead to an improvement of
brittleness due to cracking healing in the solid–liquid state [41].

 
Figure 2. (a) Polythermal section of a Al-Zn-Mg-Ni system at 8%Zn and 3%Mg with marked
non-equilibrium solidus calculated by Scheil–Goulliver simulation and (b) schematic representation of
the solidification path shift as a result of an increase in the cooling rate.

In addition, Figure 2b schematically shows how the binary eutectic point shift depends on
the cooling rate. According to [42], under high undercooling, diffusion in the liquid phase
may be hindered causing local changes in composition and difference in local solidification rates.
Under this condition, the sustainable extension of Zn and Mg solubility in the (Al) matrix can be
expected [34]. In addition, the temperatures of liquidus and solidus may be lower than the equilibrium
ones. It is anticipated that the experimental samples may solidify via different paths, causing a variety
of structures from highly-hypereutectic to hypoeutectic, including eutectic manner if the two phases
would solidify simultaneously in a diffusion coupled fashion. These microstructures can be qualified
as quasi-structures, because the corresponding alloy is hypereutectic in general.

According to Figure 2a, the solvus temperature corresponding to the dissolution of the T phase
(Al2Mg2Zn3) increases along with nickel content and therefore the [(Al) + Al3Ni] area is narrowing
as well as the suitable range of quenching temperatures. We chose a temperature of 470 ◦C as
a conventional temperature for a solid solution treatment of 7xxx alloys [1].

Figure 3a shows how the (Al) solid solution composition evolves at 470 ◦C depending on
nickel content. It is assumed to be the same after rapid solidification. According to the (Al) matrix
composition, we simulated its decomposition at the chosen aging temperature of 200 ◦C as a volume
fraction of precipitation products both T’ and M’. The graph shows that nickel addition contributes to
a gradual growth of Zn and Mg content in (Al) matrix, as well as precipitates volume, respectively.
The solid solution of the experimental Al8Zn7Ni3Mg alloy composes 9.6%Zn and 3.6%Mg, promoting
precipitations of 9.6 vol.% both T’ and M’ dispersoids responsible for matrix hardening. It is clearly
seen that the (Al) solid solution composition and volume of dispersoids see a plateau (9.7%Zn and
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3.7%Mg in (Al) and 10.1 vol.% of precipitates) at over 7.5%Ni. The further addition of nickel may cause
an undesirable end of solidification via ternary eutectic [(Al) + Al3Ni + T] leading to the appearance of
an additional quantity of the T-phase in the structure undissolved in aluminum. That way, a higher
amount of nickel seems to be unreasonable.

 
(a) 

 
(b) 

Figure 3. (a) Composition of the (Al) solid solution at 470 ◦C and corresponding volume fraction of T’
(M’) precipitates at 200 ◦C depending on nickel content in Al-8%Zn-3%Mg; (b) relationship between
volume fraction of Al3Ni phase and temperature at various nickel contents in Al-8%Zn-3%Mg alloy
and schematic display of the structure evolution.

Figure 3b shows the volume fraction of the Al3Ni phase in Al-8%Zn-3%Mg-xNi (x = 2%, 4%,
7%, 10%) alloy depending on the temperature under equilibrium conditions. In hypereutectic
alloys, the formation of two types of intermetallics is possible. The primary phase (Al3NiP) appears
before the aluminum solid solution. Then it progresses with eutectic particles (Al3NiE) formation
along with aluminum. As we schematically represented, the Al3NiE type nucleates as disperse
particles, while the Al3NiP type commonly has a faceted morphology. While at 2% and 4%Ni
the volume of the reinforcement is significantly scarce (3.6% and 7.2%), at increasingly hypereutectic
concentrations (10%Ni) the volume fraction is superior (18.8%), but the Al3NiP fraction is dominant
(11.3%). On this occasion, the suppression of the pre-eutectic stage may be not accomplished in
our experimental conditions. Barclay et al. [32], who first achieved a quasi-eutectic structure in
Al-Ni hypereutectic alloys by the RS method, found that Al-10%Ni alloy requires a five times higher
solidification rate than Al-7%Ni alloy for achieving suppression of the Al3Ni primary crystallization.

Thus, the experimental Al8Zn7Ni3Mg alloy exhibits appropriate volume fraction of intermetallics
(12.8%) composed of balanced eutectic (6.3%) and primary (6.5%) crystals. In addition to that, it shows
the highest promise for precipitation hardening, a low inter-particles spacing is anticipated, taking into
account positive results on binary alloys [32,33].

3.2. Solidification Path and Structure Analysis

The results of the cooling rate estimation are shown in Table 2, as well as the change in
microstructural peculiarities pertaining to the dendritic parameter and Al3Ni intermetallics size.
As can be seen, an increase in the cooling rate drives a refinement of primary crystals up to the ultimate
suppression of the pre-eutectic stage after cooling at more than 103 K/s.

The results are supported by a general view of microstructure evolution from a slow rate
furnace-cooled sample to rapidly cooled melt-spun ribbons (Figure 4). In OM images, the Al3Ni phase
is visible as brown inclusions embedded into the light matrix of the (Al) solid solution, and otherwise,
in the SEM image light intermetallics are incorporated into the dark matrix. Generally, the evolution
allows to estimate the formation of a quasi-eutectic structure under an increase in the cooling rate.
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Table 2. Microstructure peculiarities of the Al8Zn7Ni3Mg alloy depending on the cooling rate.

Experimental
Sample

Dendritic Parameter
(d) 1, μm

Cooling Rate (Vc) 2, K/s Al3Ni Size Range 1, μm
Al3Ni Median Size 1,
μm (Al3NiE/Al3NiP)

FC 198 ± 31 0.1 30–351 12/225

30 mm cast 39 ± 6 17 20–94 4/13

5 mm cast 19 ± 6 133 5–43 2/7

1 mm cast 9 ± 2 1.4 × 103 1–3 1.5/-

MS 1.6 ± 0.3 2.3 × 105 0.03–1.8 0.3/-
1 determined using image analysis software; 2 calculated using the Equation (1).

(a) (b) (c) 

 
(d) 

 
(e) 

Figure 4. Microstructures of the Al8Zn7Ni3Mg alloy after solidification at different cooling rates,
including binary imaging used for dendritic parameter determination: (a) furnace-cooled (FC) sample;
(b) 30 mm cast sample; (c) 5 mm cast sample; (d) 1 mm cast sample; (e) melt spinning (MS) sample.

The microstructure of the FC sample (Figure 4a) can be qualified as the nearest to the equilibrium
one. During in-furnace solidification, a large fraction of imposingly coarse primary crystals of up
to 351 μm can be observed, which are probably responsible for a low ductility of material under
such condition. The presented pattern reliably agrees with a schematic one shown in Figure 2b.
The primary Al3NiP crystals are in an equilibrium with the eutectic mixture [(Al) + Al3NiE] in which
the eutectic-origin particles are relatively small (medium size 12 μm).

Considering the structure of gravity cast samples, we managed to achieve a significant difference
among their solidification conditions and cooling rates as well. The cooling rate of 17 K/s for the 30 mm
cast sample (Figure 4b) was calculated using equation 1 and a dendritic parameter of around 39 μm.
The conception of the microstructure does not look modified in comparison to the furnace-cooled
sample, but the refinement is obvious from the scale and increased number of dendritic cells reduced
fivefold in size along with dramatically reduced intermetallics.
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A further increase in the cooling rate resulted in intermetallic bands formation that indicates
a closeness of the solidification path to the eutectic one. In the 5 mm cast sample (Figure 4c), there is
still an extremely high number of Al3Ni needle-like primary intermetallics, halved in size, obtained
via near-rapid cooling (d ~ 20 μm, Vc = 133 K/s). Meanwhile, the 1 mm cast sample (d ~ 10 μm,
Vc = 1.4 × 103 K/s) contains wide areas where the coupled growth of Al3Ni and the (Al) solid
solution was provided (Figure 4d). This as qualified quasi-eutectic structure consists of micron-scale
intermetallics, mixed with a hypoeutectic structure in vicinity, allowed to estimate the dendritic
parameter. Such inhomogeneous structure is probably due to different crystallization front and related
to a tough experimental condition. The quasi-eutectic structure is believed to develop via the following
solidification path [43–45]. The Al3Ni phase as part of the eutectic [(Al) + Al3Ni] nucleates first
due to its higher melting point. Next, the (Al) solid solution nucleates in the nickel depleted zone
around the Al3Ni particles preventing its growth. Therefore, the residual liquid phase is enriched
with the nickel until its composition reaches the eutectic point. Thus, the reciprocal growth of both
the Al3Ni phase and the (Al) solid solution occurs.

In contrast, under melt spinning conditions, the highest cooling rate was achieved resulting in
an ultrafine microstructure with visible dendritic cells of about 1.5μm (Figure 4e). The estimated cooling
rate is 2.3 × 105 K/s, which agrees with literature data [22]. The quasi-eutectic-origin intermetallics of
submicron size are located along (Al) solid solution dendritic cells and the ultimate structure looks
hypoeutectic. However, some areas are revealed to have very small in-bulks particles, which are to be
studied using a high-magnification technique.

The microstructure of the 5 mm cast sample was studied in detail (Figure 5). According to EMPA
analysis (Figure 5b), the white phase (in Figure 5a) corresponds to an insoluble Al3Ni phase with
a homogenous composition of 76% Al and 24%Ni. In the vicinity, T phase veins are clearly observed.
It is striking that the most part of the Zn and Mg are dissolved in the (Al) matrix even under cooling
at 133 K/s. Hence, it is reasonable to anticipate a dramatic extension of solid solubility in samples
obtained at higher cooling rates.

(a) (b) 

Figure 5. Microstructure of the 5 mm cast sample of the Al8Zn7Ni3Mg alloy: (a) SEM; (b) multilayer
elemental map.

Ultimately, the analysis of the structure revealed a significant deviation of the solidification path
from a local equilibrium condition. Microstructural peculiarities (dendritic cells and intermetallics)
were far much refined under an increase in the cooling rate, and their characterization in the samples
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after a cooling rate of more than 103 K/s requires for detailed analysis using higher magnification.
Preliminary, it is believed that a needle-like Al3Ni phase, occurring in the structure of the FC, 30 mm,
and 5 mm cast samples, is responsible for brittle behavior, while globular particles presented in other
samples could play a reinforcing role in enhancing strength without a substantial loss of ductility.
Moreover, the supersaturation of the (Al) solid solution is expected and will be discussed upon
the hardness measurement results.

3.3. Characterization of the Quasi-Eutectic Structure

In the microstructure of the 1 mm cast sample (Figure 6), the tough casting condition resulted in
the shrinkage cavities formation along the grains. There is no primary phase detected, and the structure
seems to be homogeneous and quasi-eutectic in general. As can be seen, the Al3Ni eutectic bands are
in the bulk of the (Al) solid solution, and in their vicinities, Zn and Mg rich areas are presented with
an Al–8.7%Zn–3.4%Mg composition. This result virtually agrees with a previously calculated (Al)
matrix composition at 470 ◦C and corresponds to a supersaturated condition. The magnified section of
the [(Al) + Al3Ni] eutectic band shows that it has a rather fibrous morphology with a linear size of
up to 3 μm. These microstructure features exhibit a correspondence to fiber-reinforced metal matrix
composites, so it probably yields the best load transfer efficiency.

 

Figure 6. Microstructure of the Al8Zn7Ni3Mg alloy after solidification at 1.4 × 103 K/s.

Figure 7 displays the TEM characterization of the structure appearing in the melt-spun ribbons.
As can be seen from Figure 7a, it is conceptually similar to the quasi-eutectic structure of the 1 mm
cast sample, because it also shows wide bands of the fine intermetallics, surrounded by dendritic
bulks of (Al) solid solution, which are clearly seen in Figure 7b. Since the dendritic cells presented
are less than 300 nm in size, we can assume that the cooling rate achieved in some areas was much
higher than ~106 K/s, probably provided by greater thermal conductivity of the aluminum matrix than
intermetallics. The incoherent equiaxed Al3Ni particles with a median linear size of 50 nm are located
within the (Al) matrix (Figure 7c). The dark field image (Figure 7d) served as a more contrasting image
for inter-particles spacing estimation. Its value is in the 10–50 nm range, which, in turn, shows good
promise for a contribution into strength along with precipitate shearing due to possible naturally or
artificially triggered decomposition of the (Al) solid solution.
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(a) (b) 

 (c) 
 

(d) 

Figure 7. Microstructure of the melt-spun ribbons (MS sample, 2.3 × 105 K/s) of the Al8Zn7Ni3Mg
alloy: (a) general view of the intermetallic bands; (b) a (Al) dendritic structure appeared in the bands’
vicinities; (c) light field image of the globular intermetallcs’ band; (d) dark field image.

3.4. Hardness and Influence of Heat Treatment

The results of the hardness measurement are shown in Figure 8. As it was earlier shown,
the FC sample comprises of primary intermetallics of significantly giant linear size, and therefore,
the hardness of 52 HV presented reflects the footprint after indentation into the (Al) matrix. Hence,
the nickel contribution is relatively low, as well as the hardness value. A further increase in the cooling
rate causes a strong visible effect on the hardness value. For comparison, it increased twofold in
the 30 mm cast sample and threefold in the 5 mm and 1 mm samples. The most value of 195 HV was
achieved in melt-spun ribbons, which have the finest virtually qualified nanocomposite microstructure.
Furthermore, it is worth considering that the most uniform distribution of the hardness values was
obtained in cast samples, while the inhomogeneous structure of the 1 mm cast sample provided high
deviation, as well as for the MS sample measured using far lower load due to brittleness.
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Figure 8. Influence of heat treatment on the hardness of experimental samples of the Al8Zn7Ni3Mg alloy.

Thermal treatment causes significant changes in microstructure and hardness, respectively. The bar
chart demonstrates a relatively high aging response of around 20 HV at 200 ◦C without preliminary
quenching in 5 mm and 1 mm cast samples as well as the MS sample. It is striking that the MS sample
initially has a hardness of 200 HV, which is the same as an aged 1 mm cast sample. However, further
aging leads to an increase in values of up to 220 HV, corresponding to ultrahigh-strength Al-based
materials [10]. However, a further increase in temperature to 470 ◦C leads to a significant degradation
of hardness. For all samples this is due to the (Al) matrix solutionization during alloy solidification.
Moreover, for a composite-structured 1 mm cast sample and MS samples, this loss of properties is
caused by a significant degradation of the intermetallics morphology.

The degradation of the Al3Ni phase morphology after a 470 ◦C heat treatment is highly dependent
on the initial microstructure. As the as-cast 1 mm sample microstructure contains fiber-like, slightly
elongated inclusions, they were conjugated along a definite crystallographic plane, resulting in
significant shape deformation as a mixture of needles and coalescenced particles, both blocky for load
transfer (Figure 9a). Meanwhile, the MS sample initially contained equiaxed intermetallics, and heating
to 470 ◦C caused advanced coalescence. The particles size is ranged in 0.2–2.5 μm, but their roundness
is apparently appropriate to be 0.8–1 for 90% of the whole volume (Figure 9b). This factor seems to
be advantageous in terms of hot consolidation of the melt-spun ribbons, hence, the microstructure of
the bulk products may still be qualified as a reinforced composite.

 
(a) 

 
(b) 

Figure 9. Microstructure of the Al8Zn7Ni3Mg alloy after 470 ◦C heat treatment: (a) 1 mm cast sample;
(b) MS sample.
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4. Conclusions

By using computational and experimental studies, the effect of different cooling rates (0.1 K/s,
17 K/s, 133 K/s, 1.4 × 103 K/s, and 2.3 × 105 K/s) on the phase composition, solidification manner,
microstructure, and hardness of the Al8Zn7Ni3Mg aluminum alloy has been analyzed in details.
The tremendous refinement of the microstructure along with extension in Zn and Mg solid solubility
was accompanied with increase in hardness as a result of solidification path shift from a hypereutectic
to a eutectic and hypoeutectic one. The results are believed to be beneficial for the development of new
high-strength particulate reinforced composites which do not require ex-situ intervention for the input
of reinforcements. Moreover, when considering eutectic forming element addition, a decrease in hot
embrittlement is anticipated. Hence, the new composition may be highly recommended for laser
additive manufacturing applications. The major conclusions are as follows:

(1) By using the CALPHAD approach, the concentration of nickel in the experimental Al8Zn7Ni3Mg
alloy has been justified. While the eutectic point in the Al-8%Zn-3%Mg-Ni system corresponds
to 3.6%Ni, the 7%Ni composition is highly hypereutectic. Taking into account the opportunity
to shift the solidification path with further refinement caused by increase in cooling rates,
the experimental alloy comprises 12.8 vol.% Al3Ni intermetallics in which half corresponds to
the primary phase;

(2) Composition of the (Al) solid solution after rapid solidification has been simulated similar to
the one at the 470 ◦C solid solution temperature. The higher the nickel content, the more
saturated the (Al) matrix. It is shown that a 7%Ni concentration is advantageous in terms of
obtaining supersaturated solid solution containing 9.6%Zn and 3.6%Mg, promoting precipitation
of 9.6 vol.% of T’ and M’ dispersoids. Meanwhile, a higher amount of nickel does not provide
a significant change in these values;

(3) By OM, SEM, and TEM analysis, the increase in cooling rates on the microstructure was
investigated, showing profound opportunities for microstructure tuning. A highly hypereutectic
structure was observed after solidification at 0.1 K/s, 17 K/s, and 133 K/s accompanied with
a refinement of the Al3Ni phase from 50 to 7 μm in medium size. A cooling rate of 1.4 × 103 K/s
appeared to be sufficient for providing quasi-eutectic solidification manner, and most of
the structure area is covered with fiber-like composite microstructure of 1.5 μm intermetallics,
while the melt spinning provided a cooling rate of 2.3 × 105 K/s resulting in a visible hypoeutectic
structure with ultrafine equiaxed 50 nm intermetallics in the (Al) matrix bulk, beneficial for
looping reinforcing;

(4) The hardness test revealed a substantial increase in strengthening as a result of structure
refinement. While in slow and conventionally-cooled samples the hardness of 50–150 HV is
relatively not contributed by Al3Ni intermetallics appearance, the rapidly solidified samples
showed a significant enhancement of 165 HV in the 1 mm cast sample and 195 HV in melt-spun
ribbons. Moreover, these samples both showed a significant strengthening after low temperature
annealing at 200 ◦C, achieving up to 220 HV;

(5) Nonetheless, a solid solution treatment at 470 ◦C resulted in significant degradation of hardness.
While the 1 mm cast sample saw a decrease to the initial level, the melt-spun sample degraded to
obtain hardness of around 140 HV. Such a loss in properties is caused by structure coarsening.
Meanwhile, the fibrous-like intermetallics coalescenced to become needles and rods (up to
10 μm), and the globular particles evolved remaining a high roundness and relatively low size
(0.2–2.5 μm), which is promising in terms of further consolidation processing.
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Abstract: To improve the mechanical properties of the casting alloys, various attempts have been made
to use alternative casting technologies. The Ohno continuous casting (OCC) process is a unidirectional
solidification method, which leads to high-quality cast samples. In this study, the Al-Si-Cu-Mg alloy
was cast at casting speeds of 1 mm/s, 2 mm/s, and 3 mm/s, by the OCC process. The aim of this study
is to investigate the effects of the casting process parameters, such as casting speeds and cooling
conditions, on the crystallization characteristics and mechanical properties of OCC-Al-Si-Cu-Mg
alloy. Particularly, secondary dendrite arms spacing of α-Al dendrites in OCC samples significantly
decreases with increasing casting speed. Moreover, the mean tensile strength of the samples, produced
at the highest casting speed of 4.0 mm/s, is significantly higher than that for the samples produced at
a casting speed of 1.0 mm/s.

Keywords: aluminum alloy; casting speed; solidification; Ohno continuous casting; gravity casting;
dendritic spacing

1. Introduction

The reductions in automotive exhaust greenhouse gases, such as carbon dioxide (CO2) and
nitrogen oxides (NOx), are strongly required for environmental reasons. Light-weighting of vehicles
presents an opportunity for cutting greenhouse gas emissions. Aluminum (Al) alloys are one of the
light weighting automotive materials, which meets vehicle safety and performance requirements [1].
Therefore, automotive parts made of heavy steel have been replaced with Al alloys. Particularly,
the hypereutectic Al-Si alloy family is widely used in the automotive industry because of its high
strength, good castability, and low density.

The Al-Si-Cu-Mg alloy, used in this study, is particularly the commercial hypereutectic
Al-Si16-Cu4-Mg0.6 alloy (JIS (Japanese Industrial Standards) ADC14). This Al-Si-Cu-Mg alloy has
been also widely used for various automotive parts, such as linerless engine blocks, pistons, pumps,
and compressors. Furthermore, there has been increasing use in the cast Al-Si-Cu-Mg alloy for
automotive parts, over the world. The cast Al-Si-Cu-Mg alloy microstructure consists of mainly coarse
α-Al, primary silicon (Si), and needle-shaped eutectic phases, which significantly affects the mechanical
properties of Al-Si-Cu-Mg alloy [2]. In particular, it should be noted that the mechanical properties
of Al-Si-Cu-Mg alloy are also directly affected by α-Al dendrite size, as indicated by dendrite arms
spacing (DAS). However, the use of this Al-Si-Cu-Mg alloy, to replace heavy steel in automotive
industry, has been restricted because of their lower strength and lower ductility.
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Al-Si alloy family has been investigated using a unique continuous casting technique proposed
by Ohno, which is known as the Ohno continuous casting (OCC) process. The OCC process is
a unidirectional solidification method, and this casting process provides phase control and texture
control [3], which can lead to easy control of microstructure size [4] and crystal orientation [5].
Some researchers have investigated the mechanical properties of OCC-Al alloys, showing excellent
tensile and fatigue properties. This can be explained by that their unidirectional microstructures, low
defect density, and uniformly oriented lattice structure [6–8]. Therefore, it is believed that the OCC
process is useful in the automotive industry.

These days, a better understanding of how alloy solidifies at different casting conditions, involving
cooling rates is required in order to improve mechanical properties of cast Al-Si-Cu-Mg alloys
as automotive parts. However, very little investigation has been reported, which includes the
interpretation of cooling conditions and mechanical properties for the OCC-Al-Si-Cu-Mg alloy on
a metallurgical basis.

Therefore, the Al-Si-Cu-Mg samples were cast at casting speeds of 1 mm/s, 2 mm/s, 3 mm/s,
and 4 mm/s via the OCC process in this study. In addition, the influences of microstructures, such as
α-Al phases, primary Si, and DAS on the mechanical properties of cast Al-Si-Cu-Mg alloys were
investigated. The aim of this work is to investigate the effects of casting speeds and cooling conditions
on the α-Al dendritic grains-growing and tensile properties of OCC-Al-Si-Cu-Mg alloy.

2. Experimental Procedure

2.1. Materials

Table 1 shows the chemical compositions of Al-Si-Cu-Mg alloy used in this study. The Al-Si-Cu-Mg
samples were prepared by the OCC process. In this study, the samples were also prepared by the
gravity cast (GC) process for comparison with the OCC process. Figure 1a shows a schematic drawing
of a horizontal-type OCC arrangement, consisting of a melting furnace, a heated graphite mold with
a diameter of 5 mm, a graphite crucible, a cooling device, and a dummy rod for withdrawal of the
cast sample. Approximately 0.4 kg of Al-Si-Cu-Mg ingot was placed in the graphite crucible for
melting, with the graphite mold heated to approximately 910 K, which is just above the liquidus of the
Al-Si-Cu-Mg alloy. The melted Al alloy in the crucible was fed continuously into the mold through
a runner. A schematic drawing of conventional GC arrangement, consisting of an electric furnace,
a crucible, and a metal mold, is shown in Figure 1b for comparison. The Al-Si-Cu-Mg ingot was also
placed and melted in the crucible at approximately 910 K for 1 h, using the electric furnace. Then the
molten alloy was solidified in the wide rectangular mold.

To obtain various microstructural characteristics, the casting operation of the OCC process was
carried out at different speeds, from 1.0 mm/s to 4.0 mm/s. In this study, the round-rod samples were
produced via the OCC process with a diameter of 5 mm and a length of approximately 1 m.

Table 1. Chemical composition (mass%) of the Al-Si-Cu-Mg alloy used in this study.

Alloy

Element
Cu Si Mg Zn Fe Mn Al

Al-Si-Cu-Mg 4.20 16.49 0.61 0.37 0.72 0.31 bal.
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Figure 1. Schematic drawings of (a) vertical Ohno continuous casting (OCC) and (b) gravity cast
(GC) process.

2.2. Metallurgical Analysis

Some of the OCC and GC samples were sectioned to observe microstructures using optical
microscope (OM). The cut surfaces were first metallographically polished using up to a 4000 grit-sized
silicon carbide paper and were subsequently buff-polished using an Al2O3 powder with an average
diameter of 0.3 μm and a colloidal SiO2 solution.

The DAS were also investigated from optical micrographs of cross-section of the cast samples.
In particular, the secondary dendrite arms spacing (SDAS) was determined by several optical
micrographs and applying an image analysis software. The total spacing from the first to the
last arm in a certain area was firstly measured to calculate the SDAS. Consequently, the SDAS was
obtained from the following equation:

SDAS = L / (n × V), (1)

where L is the measuring length in μm, n is the number of existing dendrite arms in a certain area,
and V is the micrograph magnification. Then, an average value of the results was calculated after
repeated measurements in different areas.

In addition, some of the cast rod was sectioned parallel to the withdrawal direction and scanning
electron microscope (SEM)-based electron back-scattered diffraction (EBSD) analysis was performed to
develop a more quantitative view of the microstructures. The cut surfaces were also buff-polished
and the orientation data obtained from the EBSD scans were analyzed using an Orientation Imaging
Microscopy (OIMTM) analysis software (version 7.2, EDAX Inc., Mahwah, NJ, USA). Moreover, after the
tensile tests, the fracture surfaces were also observed to analyze the material defects, using SEM.

2.3. Mechanical Properties

The hardness of longitudinal cross-sections of OCC samples was measured using a Vickers
hardness tester at a load of 9.8 N for a holding time of 15 s. The hardness of GC samples was
also measured under the same conditions. Nine different points were measured for each sample.
The highest and lowest values were discarded, and the hardness of each sample was determined using
the average of the remaining seven values.

Moreover, the tensile tests were carried out using an electro-servo-hydraulic system with
a crosshead speed of 1 mm/min in air at room temperature. Dumbbell-shaped round specimens
(4 mm in diameter and 30 mm in length) were used as shown in Figure 2. The three specimens were
prepared and tested for each tensile test. Load and strain were measured using a load cell attached
to the machine and a foil-type strain gage attached to the gage section of the specimens, respectively.
The tensile strength and strain of the specimens were obtained from the tensile stress–strain curve.
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Figure 2. Schematic drawing of specimen used for tensile test.

3. Results

3.1. Microstructural Characteristics

Figure 3 shows optical micrograph of cross-section of sample produced by GC. The microstructure
basically consists of large primary Si, embedded between primary α-Al grains. Moreover, Figure 4
shows optical micrographs of cross-sections of OCC samples produced at casting speeds of 1.0, 2.0, 3.0,
and 4.0 m/s. The microstructures of OCC samples also consist of large primary Si, embedded between
primary α-Al grains. It can be also clearly observed that the mean sizes of primary Si are the largest at
a speed of 1.0 mm/s, regardless of the observed location.

 
Figure 3. Optical micrograph showing microstructure of GC sample.

Figure 4. Optical micrographs of cross-sections of OCC samples; middle parts cast at speeds of
(a) 1.0 mm/s, (b) 2.0 mm/s, (c) 3.0 mm/s, and (d) 4.0 mm/s.

Figure 4 shows middle parts of cross-sectioned OCC samples. In this study, no sharp difference is
observed between upper and lower parts of the samples at any of the casting speeds, although upper
parts were cooled directly by spray water and cooled at the fastest rate (Figure 1a). It can be explained
by that the diameter of cast rod is too small to show large difference in the cooling rate, between upper
and lower parts.
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Moreover, it is observed that the grain structure transition occurs with increasing casting speeds,
owing to the different cooling rates. The morphologies of primary Si phases show sharp edges and
flat faces, indicating the facet characteristics. Furthermore, the distributions of primary Si phases are
non-homogenous, regardless of the casting speeds. In particular, both the sizes and amount of primary
Si are reduced between 1.0 mm/s and 2.0 mm/s. Larger primary Si particles (approximately 5–100 μm
in equivalent diameter) are observed in the samples cast at a lowest speed (1.0 mm/s), while smaller
primary Si particles (approximately 5–40 μm in equivalent diameter) are observed at the other speeds
(2.0 mm/s, 3.0 mm/s, and 4.0 mm/s).

In addition, optical micrographs of longitudinal cross-sections are also shown in Figure 5. It is
clear from the results at higher casting speeds (Figure 5b–d) that the α-Al dendrite cells grow in the
withdrawal direction. No sharp difference was also observed between upper and lower parts of cast
samples, regardless of the casting speeds. The grain structure transition is also observed in longitudinal
cross-sections with changes in casting speeds. The quantitative analysis of dendritic structures can be
conducted by measurements of DAS. As shown in Figure 5, it is clearly observed that the dendritic
structures are refined with increasing casting speed. It is considered that higher cooling rates during
solidification induce a higher degree of refinement in dendritic array.

Figure 5. Optical micrographs of longitudinal cross-sections of OCC samples; middle parts cast at
speeds of (a) 1.0 mm/s, (b) 2.0 mm/s, (c) 3.0 mm/s, and (d) 4.0 mm/s.

EBSD analysis was also carried out in order to analyze morphologies of the dendritic structures,
including SDAS. All observations were obtained from longitudinal cross-sections of the samples
as shown in Figure 6. It can be more clearly observed from both image quality (IQ) maps and
corresponding grain boundary (GB) maps that SDAS of α-Al dendrites significantly decreases with
increasing casting speed. SDAS is one of the most important factor, which affects the mechanical
properties of Al-Si alloy family. The effects of SDAS and grain size on mechanical properties are
similarly obtained for the related Al-Si alloys [9]. Figure 7 shows the relationship between the casting
speeds and SDAS. SDAS of α-Al dendrites in OCC samples significantly decreases with increasing
casting speed. Moreover, SDAS of OCC samples is smaller than that in GC samples, regardless of
the casting speed. The mean SDAS is approximately 4.0 μm for the high casting speed of 4.0 mm/s
and 8.7 μm for the low casting speed of 1.0 mm/s, resulting from the longitudinal cross-sections.
It is considered that the changes in SDAS are due to a different cooling rate, which lead to different
solidification behavior.
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Figure 6. Electron back-scattered diffraction (EBSD) analysis of longitudinal cross-sections of OCC
samples: image quality (IQ) maps and corresponding grain boundary (GB) maps of samples cast at
speeds of (a) 1 mm/s, (b) 2 mm/s, (c) 3 mm/s, and (d) 4 mm/s.

Figure 7. Secondary dendrite arms spacing (SDAS) of GC and OCC samples.

As shown in Figure 8, the cooling rates (CR) of the casting samples were also estimated from the
following equation [10]:

CR = 2 × 104 × SDAS−2.67 (2)

Figure 8. Relationship between casting rate and cooling rate for Al-Si-Cu-Mg alloys.

The cooling rates significantly increase with increasing casting speeds for OCC samples.
Furthermore, the estimated cooling rates of OCC samples are higher than those of GC samples,
regardless of the casting speed. It can be explained by that OCC samples have much smaller volumes
with cooled directly with sprayed water.

104



Metals 2020, 10, 625

3.2. Mechanical Properties

As shown in Figure 9, it is clearly observed that the hardness of OCC samples significantly increases
with increasing casting speeds, showing similar behaviors with those of CR plotted in Figure 8. Grain
boundaries generally act as barriers to dislocation motion. As mentioned in Section 3.1, the effects of
SDAS and grain size on mechanical properties are similar for the Al-Si-Cu-Mg alloy. Consequently,
it is considered that the refinement of SDAS, with increasing cooling rate, leads to increase in hardness.
Moreover, the mean hardness of OCC samples cast at speeds over 3 mm/s exceeds that of GC sample.

Figure 9. Vickers hardness of GC and OCC samples.

In addition, Figure 10 shows the variations of ultimate tensile strength as functions of casting
speeds. It can be observed that the mean ultimate tensile strength increases at higher casting speeds.
These results from the tensile tests are similar to the hardness results shown in Figure 9. The mean
tensile strength shows a maximum for the samples produced at the highest casting speed of 4.0 mm/s,
which is about 70% higher than that for the samples produced at a casting speed of 1.0 mm/s. Moreover,
the mean tensile strength of OCC samples cast at 4.0 mm/s is also much higher (by more than 2 times)
than that of the GC samples.

Figure 10. Ultimate tensile strength of GC and OCC samples.

The variations of fracture strain as functions of casting speeds are also shown in Figure 11.
No sharp difference is observed with a changing casing speed. Nevertheless, the fracture strains of
OCC samples are slightly higher compared to that of GC samples, regardless of the casting speeds.

It is believed that such improvements of mechanical properties of OCC samples can be
explained by the presence of unidirectional microstructures and refined dendritic array. Particularly,
the improvements of the tensile strength of OCC samples are owing to the refinement of SDAS,
which may be the obstacles to the movement of dislocations. SDAS is particularly a significant factor
determining the mechanical properties of cast Al-Si-Cu-Mg alloys due to grain-boundary hardening,
although the mechanical properties are also affected by other microstructural characteristics, such as
eutectic and Si phases.
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Figure 11. Fracture strain of GC and OCC samples.

SEM fractographs of the tensile specimens cast by GC and OCC are shown in Figure 12. Large
pores (approximately 150 μm in diameter) can be observed only at the fracture surface of GC samples,
as shown in Figure 12a. On the other hand, from the microstructural observations, the fine casting
defects (pores or inclusions) are detected in all of OCC samples. The casting defects could give rise to
the stress concentration, leading to the crack formation during the tensile test [11]. It should be noted
that the large pore, among the casting defects, is the most responsible for crack formation. Hydrogen
(H), as the only gas capable of dissolving to significant quantities in an aluminum melt, is the main
factor influencing gas porosity. It is considered that the large pore of GC sample is generated by H gas
during the solidification in this study. This is because the morphology of the large pore on the fracture
surface does not seem to be a shrinkage pore with an irregular shape, but a gas pore of a spherical
shape [11]. It is considered that the large gas pore in the GC sample is generated by the slower cooling
rate compared to the OCC samples. Furthermore, not only SDAS, but also the casting defects are
smaller and better distributed at a higher casting speed. Consequently, the lower strength and ductility
of GC alloys are assumed to result from not only enlarged α-Al and SDAS but also internal defects in
this study.

Figure 12. SEM fractographs of Al-Si-Cu-Mg samples cast by (a) GC and OCC at casting speeds of
(b) 1.0 m/s, (c) 2.0 m/s, (d) 3.0 m/s, and (e) 4.0 m/s, after tensile tests.

4. Summary

In this study, the effects of casting speeds and cooling conditions on the cast microstructures and
mechanical properties of Al-Si-Cu-Mg alloy were investigated. The primary findings of this study are
the following:

1) The microstructures, particularly those of the sizes of α-Al grains, differ among the samples, which
resulted from the different cooling rate. SDAS of α-Al dendrites in OCC samples significantly
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decreases with increasing casting speed. Moreover, SDAS of α-Al dendrites in OCC samples is
smaller than that in GC samples, regardless of the casting speed.

2) The improvements of mechanical properties of OCC samples are owing to the refinemennt of
SDAS, which may be the obstacles to the movement of dislocations. The mean tensile strength
shows maximum for the samples produced at the highest casting speed of 4.0 mm/s.

3) The large pore can be observed only at the fracture surface of GC samples. On the other hand,
only fine casting defects are detected in any of OCC samples. It is believed that the presence of
large pores may lead to crack formation during the tensile test.

4) The solidification conditions in continuous casting process, leading to the refinement of the
dendritic structures and low porosity, are regarded as contributing to the higher quality of the
products and mechanical properties of Al-Si-Cu-Mg casing alloy.
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Abstract: In the as-cast state, Al–Mg–Si alloys are not suitable for hot forming. They present
low ductility due to the presence of intermetallic β-AlFeSi particles that form in the interdendritic
regions during the solidification process. Homogenization treatments promote the transformation
of these particles into α-(FeMn)Si particles, which are smaller in size and more rounded in shape,
thus improving the ductility of the material. This paper analyses the influence of various solution
treatments on the transformation of β-AlFeSi particles into α-(FeMn)Si particles in an Al 6063 alloy.
Their effect on different ageing treatments in the 150–180 ◦C temperature range is also studied.
An increase in the solution temperature favours greater transformation of the β-AlFeSi particles
into α-(FeMn)Si, dissolving a greater amount of Si, thereby having a significant effect on subsequent
ageing. We found that as the dwell time at a temperature of 600 ◦C increases, the rate of dissolution
of the Fe atoms from α-(FeMn)Si particles exceeds the rate of incorporation of Mn atoms into said
particles. This seems to produce a delay in reaching the peak hardness values in ageing treatments,
which warrants further research to model this behaviour. The optimal solution treatment takes place
at around 600 ◦C and the highest obtained peak hardness value is 104 HV after a 2 h solution treatment
at said temperature and ageing at 160 ◦C for 12 h.

Keywords: Al–Mg–Si; α-Al8(Fe2Mn)Si particles; solution treatment; ageing; dissolution of Fe;
Differential Scanning Calorimetry

1. Introduction

Aluminium alloys usually have iron as a common impurity. The maximum equilibrium solubility
of Fe in solid aluminium is very low. Thus, most Fe forms Fe-rich intermetallic compounds together
with other elements, which appear as needles or sharp edges in the microstructure. Some types of
Fe-rich intermetallic compounds are very harmful to mechanical properties, especially ductility [1].
The particles present in Al–Mg–Si alloys during solidification are mostly β-AlFeSi (generally the
β-Al5FeSi phase), α-AlFeSi (generally the α-Al8Fe2Si phase) and Mg2Si [1–3]. These alloys are
not suitable for hot forming processes in the as-cast state or in processes of intensive deformation,
as occurs in extrusion. Their ductility is too low, mainly due to the presence of intermetallic β-AlFeSi
particles that locate at interdendritic regions, giving rise to the occurrence both inside the α-Al grains
and at their grain boundaries after solidification is completed [4]. These particles usually have
an acicular morphology in the polished plane. Hot ductility is impaired by the presence of these
particles, decreasing significantly as their content increases. The purpose of the high-temperature
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homogenization process is the chemical homogenization of the dendrites, as well as the simultaneous
fragmentation of the β-Al5FeSi precipitates, thus avoiding their continuity along the grain boundaries
and favouring their conversion into α-Al(FeMn)Si particles with rounded edges, which increase ductile
behaviour. This conversion must be complete in hot extrusion processes, as they take place in a single
stage with intensive deformation and in a very short time. Hot rolling processes that obtain flat rolled
products and multi-pass hot strip mills enable the decrease in temperatures and homogenization times
without completing the total transformation of β particles into α particles. β-AlFeSi particles can
lead to local crack initiation and induce surface defects on the extruded material. The more rounded
α-Al(FeMn)Si particles in the homogenized material improve the extrudability of the material as well as
the surface quality of the extruded material [5]. The morphology of the Fe-rich phase is related to many
factors, such as the composition of the alloy, the cooling rate, and the content of Fe. During solidification,
for example, α-Al8Fe2Si tends to form at higher cooling rates than β-Al5FeSi [6]. The presence of
Mn can change the morphology of the acicular Fe-rich phase and form a granular intermetallic
α-Al(MnFe)Si phase [7,8]. The formation of the β-AlFeSi particles is prior to, or at least concurrent with,
the solidification of the alloy, which is why these precipitates are found in the interdendritic regions.
The same grain can eventually encompass several dendrites. Therefore, these particles can appear inside
the grains. As a result, the above processes lead to an increase in hot ductility [9]. A homogenization
heat treatment promotes the transformation of these needle-like particles into smaller particles with
more rounded shapes denoted as α-(FeMn)Si, α-Al8(FeMn)2Si or α-Al12(FeMn)3Si [5], which allows an
enhancement in the ductility of the material [9–14]. The main force inducing the transformation of
the β particles into α particles is found in the difference of Fe concentration between the Al matrix
and the β particles themselves. It has been found that an Fe content in the alloy between 0.15% and
0.25% favours the appearance of smaller volume fractions of β intermetallics during solidification and
promotes fine acicular morphologies, favouring a faster β→ α transformation [15]. Moreover, the Mn
in turn modifies this inducing force by causing variations in the concentration of Fe in the matrix and
β interfaces. Kuijpers et al. determined that the optimal rate of transformation of β particles into α

particles occurs when the manganese concentration falls within the 0.02% to 0.2% range [16]. With an
increase in solution time, the acicular morphology of the β-AlFeSi particles can be transformed into
rounded shapes and the α-Al8(FeMn)2Si phase can be formed. A minimal amount of Mn is needed to
promote this transformation. The desirable Mn/Fe ratio could be around 0.5. The α-(FeMn)Si particles
present an Fe/Si atomic ratio that is higher than that of its homologous β phase. Therefore, the solid
solution of Si in the matrix phase accordingly increases, favouring subsequent hardening via an
ageing treatment [12,17]. Lui et al. concluded that the (Fe +Mn)/Si atomic ratio remains constant
in homogenization treatments within the 550–580 ◦C temperature range [18]. In addition to the
aforementioned objectives, the homogenization treatment also aims to reduce the microsegregation
produced during non-equilibrium solidification and endow the material with a fine, homogeneous
structure of precipitates that ensures its subsequent manufacture. The final mechanical properties are
determined by the solution heat treatment, quench rate and ageing heat treatment employed. In the
solution heat treatment, the aim is to dissolve the phases containing Mg and Si. The temperatures
employed in these alloys usually fall within the 460–530 ◦C range [19]. Chen et al. placed the optimal
treatment at 520 ◦C for 3.5 h [20]. The ageing of these alloys begins with the formation of clusters
in the Guinier–Preston (GP) zones followed by sequential precipitation of the β” phase and other
metastable phases until precipitation of the β equilibrium phase is achieved [21]. The high level of
saturation and high concentration of voids that the α-Al phase presents after quenching promotes the
rapid formation of Si clusters and/or GP zones. These clusters have a high concentration of solute and
maintain absolute coherence with the matrix, although elastic stresses are induced around them due to
the difference in size between the atoms of the solute and those of the solvent. At this point, there is
an increase in hardness, as these clusters/zones constitute a major obstacle to the displacement of
dislocations [22,23]. Transition precipitates that are coherent with the matrix may nucleate from these
zones. The increase in strength is defined by the size of the precipitates, their distribution, and their
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coherence with the matrix. In these alloys, the precipitate responsible for hardening is the β” (associated
with the Mg2Si phase) [22–25]. It was found that the width of the precipitate-free zones (PFZs) was
significant and optimal precipitation was associated with low thickness [26,27]. The temperatures used
in the solubilization treatment and the dwell times at these temperatures seem to have a significant
influence on the strength obtained after the ageing treatment. An increase in the temperature or dwell
times at the aforementioned temperatures seems to favour an increase in strength after ageing [19,28].
Nandy et al. managed to obtain a peak hardness value of 90 HV by ageing at 175 ◦C for around 8 h,
after a solution treatment at 525 ◦C for 2 h [29]. Yuksel obtained a maximum hardness value of nearly
100 HV by means of a solution treatment at 535 ◦C for 2 h and ageing at 204 ◦C for 2 h [25]. Note that
the greatest decrease in hardness due to over-ageing was obtained at this same temperature compared
to lower ageing temperatures. Several authors concluded that the rate of cooling prior to ageing and
after the solubilization treatment seems to influence the peak hardness value after the ageing treatment.
This cooling rate should be as high as possible in order to achieve the maximum supersaturation of Si
and Mg in solid solution [24,30–32]. The most sensitive temperature range at industrial cooling rates
seems to be between 450 and 250 ◦C [24,31,33]. Prolonged solubilization treatments are necessary in
order to ensure the total dissolution of the Mg2Si formed in the cooling after chemical homogenization.
As a form of validation, it is likewise necessary to employ a cooling rate which is fast enough to avoid
the premature precipitation of Mg2Si. This would allow the full potential of structural hardening to be
available in the subsequent ageing process.

The aim of this paper is to analyse the influence of various solution treatments, employing quenching
in water, on the transformation of the β-AlFeSi particles in an Al 6063 alloy into α-(FeMn)Si particles and
their possible influence on different ageing treatments carried out in the 150–180 ◦C range.

2. Materials and Methods

One hundred twenty specimens were taken from the intermediate zone of the radius of a
number of 200-mm-diameter slabs in the as-cast state. Table 1 shows the chemical composition of the
as-cast material. These slabs were manufactured by continuous casting in discontinuous processes,
with cooling and lubrication by demineralized water in the die. The round aluminium products had
an approximate diameter of 228 mm and a length of 12 m. The cooling rates measured at the centre of
these products were 1 K/s, and 20 K/s at the surface. The specimens had a cubic geometry measuring
12–15 mm per side. One hundred sixteen of these specimens were subjected to four solution treatments,
employing three different ageing temperatures for each. Quenching in water at 15 ◦C was used after
the solution treatments. Figure 1 outlines the experimental work carried out. The 120 specimens were
distributed as follows:

(1) 108 specimens were used to obtain the hardness profiles: 4 different solution treatments were
carried out, employing 3 ageing treatments per solution treatment, with a total of 9 specimens in
each ageing treatment.

(2) 8 specimens had no ageing. There were 2 specimens after each solution treatment, one was used
for metallographic inspection and calculation of the material’s hardness, while the other was
used for differential scanning calorimetry (DSC).

(3) The remaining 4 specimens were analysed in the as-cast state.

Table 1. Chemical composition (% by weight).

%Si %Fe %Cu %Mg %Mn %Ti

0.42 0.22 0.018 0.47 0.031 0.019

Metallographic inspection was carried out using an optical microscope and a scanning electron microscope.
Preparation of the metallographic specimens was carried out by cutting with a SiC disc,

cold mounting with an epoxy resin, grinding with SiC paper of different abrasive grain sizes ranging
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from grit 240 to 600 then finally polishing in three steps with textile cloths using different types of
abrasives in each step. In the first step, 6 and 1 μm diamond paste was used, while a 0.5 μm alumina
solution in distilled water was used in the second step. In the third stage, a 0.05 μm colloidal silica
solution, which was also in distilled water, was utilized.

Figure 1. Outline of the experimental work carried out. OM: optical microscopy; DSC: differential
scanning calorimetry; EDX: energy dispersive X-ray spectroscopy; SEM: scanning electron microscopy.

The etching reagents used in the optical microscopy analysis were:

(1) 2 mL HF, 3 mL HCl, 5 mL HNO3 and 190 mL distilled water.
(2) A solution made of 4 g KMnO4, 1 g NaOH and 100 mL distilled water. This reagent reveals the

chemical heterogeneities derived from dendritic microsegregation.

The optical microscope used was a NIKON Epiphot 200 (Nikon, Tokyo, Japan) and the images were
obtained using Beuhler Omnimet Enterprise image analyser software (5.0, Beuhler, Lake Bluff, USA). The
scanning electron microscope employed was a JEOL JSM-5600 (JEOL, Nieuw-Vennep, The Netherlands).
The Fe/Si atomic ratio in the α-Al(FeMn)Si particles was determined on metallographic samples in the
polished state, without etching with a chemical reagent. Energy dispersive X-ray (EDX) microanalysis
was used for this purpose, randomly analysing 30 particles per specimen (20 kV with reflections of up
to 10 keV).

Vickers hardness values were obtained under the application of a 300 N load. The results correspond
to the mean value obtained from 12 indentations per specimen.

The differential scanning calorimeter used was a Mettler Toledo DSC 822e (Metter Toledo,
Schwerzenbach, Switzerland). The heating rate was 10 ◦C/min, and the test was conducted between 25
and 500 ◦C. The results obtained by DSC will not provide us with the isothermal temperature at which
the precipitation of the metastable phases that cause structural hardening takes place. During the DSC
test, these temperatures are obtained by means of a heating ramp and are therefore always higher than
the temperatures used isothermally for artificial ageing. However, when the aim is to compare various
ageing treatments, this test allows us to compare whether said precipitation of structural hardening
will occur sooner or later.

3. Results

Figure 2 shows the microstructure obtained in the as-cast state. It can be seen that the microstructure
presents dendritic segregation and precipitation of β-Al5FeSi particles in the segregated zones,
preferably at the grain boundaries. Figure 3 shows images of this microstructure obtained using
electron channelling contrast imaging (ECCI) [34]. The elongated, acicular morphology of the β-Al5FeSi
particles can be observed, forming a more or less continuous network through the grain boundaries
network of the α-Al phase. It can also be seen that the grain size is around 200–250 μm. Figure 4 shows
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the microstructure obtained following the solution treatments with cooling in water. A homogenized
microstructure can be seen in all cases, with no dendritic segregation. A decrease in the volume
fraction of AlFeSi particles and loss of their continuity were likewise observed. Figure 5 shows the
transformation of the microstructure during the homogenization treatment. Figure 5a shows the
microstructure obtained in the as-cast state. The β-Al5FeSi particles and the Mg2Si phase can be
observed, both located at a grain boundary. Figure 5b shows the microstructure after solubilization at
600 ◦C, employing cooling in water. This treatment also allows the solubilization of the Mg2Si phase
and the transformation of the β-Al5FeSi particles into α-Al8(FeMn)2Si particles. Cooling in water
prevented solid-state precipitation of Mg2Si.

  
(a) (b) 

Figure 2. Microstructure in the as-cast state. (a) Dendritic segregation is observed; (b) β-Al5FeSi
particles at the grain boundaries. The etching reagent consisted of a solution of 100 mL distilled water
with 4 g KMnO4 and 1 g NaOH.

  
(a) (b) 

Figure 3. Microstructure in the as-cast state obtained under a scanning electron microscope (SEM) using
electron channelling contrast imaging (ECCI). (a) It can be seen that the grain size can be estimated to
be around 200–250 μm. (b) The β-Al5FeSi particles are in white and Mg2Si particles are in black.
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(a) (b) 

  
(c) (d) 

Figure 4. Microstructure after solution treatments, employing quenching in water. (a) Treatment at 550 ◦C
for 2 h. (b) Treatment at 550 ◦C for 4 h. (c) Treatment at 600 ◦C for 2 h. (d) Treatment at 600 ◦C for 4 h.

  

(a) (b) 

Figure 5. Microstructures obtained by scanning electron microscopy (SEM). (a) The as-cast state.
The β-Al5FeSi particles and the Mg2Si phase can be observed, located at a grain boundary. (b) After a
solubilization treatment at 600 ◦C with water cooling, which enabled the maximum solubilization of
the Mg2Si phase and the transformation of the β-Al5FeSi particles into α-Al8(FeMn)2Si particles.

Figure 6 shows the Fe/Si atomic ratio and the atomic percentage of Mn in the α-Al(FeMn)Si
particles, while Figure 7 shows the (Fe +Mn)/Si ratio, along with the atomic percentages of Si and
Fe. It can be observed that the Fe/Si ratio was higher in treatments at 600 ◦C than in treatments at
550 ◦C, a finding that could be justified by the greater dissolution of Si atoms at 600 ◦C. This would
allow an increase in the potential for structural hardening. However, this ratio decreased when the
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duration of the treatment was 4 h. Note that the atomic % of Fe in the α particles was much lower
in the treatments at 600 ◦C, being lower with dwell times of 4 h versus 2 h. Moreover, the β-AlFeSi
particles in the as-cast state do not contain Mn atoms. However, as the dwell times of the treatment
temperature increased, the atomic content of Mn in the α-Al(FeMn)Si particles also increased.

Figure 6. Mean Fe/Si atomic ratio of AlFeSi particles after the different solution treatments (ST).
The results are correlated with the atomic % of Mn in these particles. The “As Cast” state refers to the
β-Al5FeSi particles, while the state after the solution treatment refers to the α-Al8(FeMn)2Si particles.
The error bars show the distance between the mean value and the maximum and minimum values of
the 30 particles analysed in each specimen.

Figure 7. Mean (Fe +Mn)/Si atomic ratio of AlFeSi particles after the different solution treatments (ST).
The atomic percentages of Si and Fe are also shown. The “As Cast” state refers to β-Al5FeSi particles,
while the state after the solution treatment refers to the α-Al8(FeMn)2Si particles. The error bars show
the distance between the mean value and the maximum and minimum values of the 30 particles
analysed in each specimen.
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The hardness value in the as-cast state was 40 HV and the hardness value obtained after these
treatments was 45 HV, with no differences in hardness being found between the different solution
treatments. The hardness test was carried out immediately after these treatments.

Figure 8 shows the results obtained after the DSC analysis. Two main exothermic peaks were
detected, designated as A and C. Peak A corresponds to precipitation of the β”and β’ phases. In between
peaks A and C is the endothermic peak B that corresponds to the dissolution of these phases. Lastly, peak C
corresponds to the precipitation of the β phase [35–42]. The endothermic peak prior to the exothermic
peak A shows the dissolution of the GP zones formed during natural ageing. The results of the DSC
test provide the temperatures at which the structural hardening precipitations are verifiable when
this temperature is reached by means of a heating ramp. In our case, the heating rate is 10 ◦C/ min.
This means that these temperatures cannot be compared with the isothermal ageing temperatures,
the latter being necessarily lower. However, when the aim is to compare various ageing treatments,
this test allows us to compare whether the structural hardening will occur sooner or later. The solution
treatment at 600 ◦C with a dwell time of 4 h produced the greatest delay in the formation of the
metastable transition phases (Peak A) and their subsequent dissolution (Peak B). This delay could
be related to the dissolution of the Fe atoms that were observed in the previous solution treatment
at this temperature with prolonged dwell times, which could be grounds for further investigation in
this regard.

Figure 8. Continuous heating DSC at 10 ◦C/min. The samples were previously aged naturally.
The exothermic peaks (A and C) indicate precipitation of the β”-β’ and β phases, respectively.
The endothermic peak (B) reflects the dissolution of the β”-β’ phases, precipitated in A.

Figure 9 shows the hardness profiles obtained after the ageing treatments. The peak hardness
values were obtained with solution treatments at 600 ◦C, which are the ones that dissolved the highest
% Si from the β-AlFeSi particles. This would allow more Si to be available in solid solution for the
subsequent precipitation of the metastable β” phase during ageing. The peak hardness value was
104 HV after the solution treatment at 600 ◦C for 2 h and ageing at 160 ◦C for 12 h. Very similar
hardness profiles following the solution treatment at 550 ◦C were obtained with dwell times of 2 and
4 h. However, the peak hardness values obtained after a dwell time of 4 h at 600 ◦C were delayed in
the three ageing temperatures compared to the 2 h dwell time. This fact may be conditioned by the
dissolution of Fe atoms observed after the 4 h dwell time at 600 ◦C.
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(a) 

 

(b) 

 

(c) 

Figure 9. Cont.
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(d) 

Figure 9. Hardness profiles after the ageing treatments. (a) Treatment at 550 ◦C for 2 h. (b) Treatment
at 550 ◦C for 4 h. (b) Treatment at 600 ◦C for 2 h. (d) Treatment at 600 ◦C for 4 h.

4. Conclusions

This paper analyses the influence of solution treatments on the transformation of β-AlFeSi particles
into α-(FeMn)Si particles and their possible influence on different ageing treatments carried out in the
150–180 ◦C range. The main conclusions are:

(1) The Fe/Si atomic ratio increased with increasing solution treatment temperature from 550 to
600 ◦C. This reflects a greater degree of transformation of β-Al5FeSi particles into α-Al8(FeMn)2Si
particles, and a greater potential for structural hardening.

(2) In the transformation of β-Al5FeSi particles into α-Al8(FeMn)2Si, a greater dissolution of both Si
and Fe atoms was observed in the matrix when the solution treatment was carried out at 600 ◦C.
The dissolution of Fe was somewhat more pronounced when the dwell times were increased
from 2 to 4 h.

(3) At a solution temperature of 550 ◦C, the (Fe +Mn)/Si atomic ratio remained practically constant.
However, at 600 ◦C, this ratio decreased when the dwell time was increased from 2 to 4 h.
This suggests that the rate of dissolution of Fe atoms exceeded the rate of incorporation of Mn
atoms. This could lead to a delay in reaching peak hardness values during ageing at temperatures
between 150 and 180 ◦C.

(4) The peak hardness value obtained was 104 HV, following a solution treatment at 600 ◦C for 2 h
and ageing at 160 ◦C for 12 h.
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Abstract: Although the porosity in Al-SiC metal matrix composites (MMC) can be diminished; its
existence is unavoidable. The purpose of this work is to study the effect of porosity on Young’s
modulus of SiC reinforced aluminum matrix composites. Finite element analysis is performed based
on the unit cell and the representative volume element approaches. The reliability of the models is
validated by comparing the numerical predictions against several experimental data ranging in low-
and high-volume fractions and good agreement is found. It is found that despite the stress transfer
from the soft matrix to the reinforcement remains effective in the presence of pores, there is a drop
in the stress gathering capability of the particles and thus, the resulting effective elastic modulus
of composite decreases. The elastic property of the composite is more sensitive to pores away the
reinforcement. It is confirmed, qualitatively, that the experimentally reported in the literature decrease
in the elastic modulus is caused by the presence of pores.

Keywords: Al/SiC composite; porosity in composites; finite element analysis

1. Introduction

Particles embedded in a matrix are commonly encountered in metal matrixes since they arise
during melt processing by non-controlled phase changes, mechanical interaction of the melt with its
surroundings, or they are added intentionally as filler material. Stiff and soft particle inclusions in
a matrix have effects that could be considered adverse or beneficial in the physical and mechanical
properties of the bulk matrix. For example, hard particles in steel are considered harmful and they
often originate the variability of steel properties [1]. On the other hand, the incorporation of ceramic
stiffer particles—e.g., SiC, SiO2, Al2O3, and WC—to matrixes such as aluminum alloys reinforce
the bulk matrix and metal matrix composites (MMC) arise. Due to their high specific strength and
modulus, reinforced materials can be tailored, finding applications in multiple industries such as
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naval, aeronautics, automotive, and machining-tools. Moreover, MMC exhibit isotropic material
properties [2].

The elastic properties of MMC depend principally on geometrical parameters: volume fraction,
size distribution, shapes and stiffness of the particles, porosity, and bonding state at the interface.
Studies have been conducted to elucidate the effects of particles embedded in metal matrixes [3,4],
concluding that the shape of the particles influences the overall elastic response of the composite. While
the particle size has no significant influence on the elastic modulus at low content of reinforcement [5,6].

For the microstructures having different phases like hard ceramic particles and pores, it is desirable
to predict strength properties for the development of high-performance materials. Porosity in MMC
can greatly influence the material properties and is mainly caused by manufacturing processes, thermal
cycles, and both distribution and percentage particles [7–9]. For instance, enhancement of strength
is affected in the interface causing crack initiation sites, which was evidenced in Hassani’s study at
varying milling times with different particle sizes and amounts. The visualization of porosity and
voids employed specialized techniques such as nondestructive laser-ultrasonic spectroscopy where
Podymova et al. [10] proposed a calibration curve for porosity evaluation as this defect compromise
composite strength. Other techniques, such as neutron and synchrotron diffraction, were voids and
pores are easily observed and micro stresses can be detected. Previous investigations conclude that
thermal fatigue damage is produced by the porosity presence and can influence the coefficient of thermal
efficiency behavior in MMC, tensile and fatigue properties are also affected [8,11]. Consequently,
porosity content decreases mechanical properties of MMC—such as tensile strength, Poisson ratio, and
Young’s modulus.

Modeling of inclusion-matrix interaction or pore-matrix interaction at the microscale is usefully
in accurately predicting effective properties (e.g., Young’s modulus). In the literature, several
constitutive models (analytical, semi-empirical, differential, and variational methods) for the prediction
of mechanical properties with specified volume fractions can be found elsewhere. Among these models,
the ones proposed by Voigt and Reuss (V–R) [12,13] and by Hashin–Shtrikman (H–S) [14] have proven
to be effective means to obtain upper and lower bounds for the elastic moduli of the MMC from the
known properties of its constituents. The H–S model represents the tightest bounds. This model
is based on variational principles of linear elasticity and assumes isotropic composite. None of the
previous methods (V–R, H–S) consider microstructural information.

Micromechanical analytical models also have been established to predict the mechanical properties
of porous solids. Ramakrishnan and Arunachalam (R–A) [15] derived a useful analytical model using
the principles of statistical continuum mechanics, where the effective elastic moduli of bulk material are
predicted as a function of the volume fraction of the pores, the variation of the effective Poisson’s ratio,
and the elastic modulus of the corresponding dense material. This model considers an assemblage
of hollow spheres. Additional information about other theoretical models for porous solids and its
validity can be found in [16]. It is difficult to derive analytical solutions for particle–pore interaction
systems because the stress distribution around particles and pores start interfering with each other.

The finite element modeling of micromechanics is an alternative means to analytical models for the
simulation of mechanical properties. Finite element analysis has become increasingly more popular and
an accurate approach to study different phases and complex morphologies of reinforcement particles
in the microstructures [1]. Approaches are the unit cell model (UC) and the representative volume
element (REV). In the UC approach, one or two particles are embedded in the metal matrix to represent
a periodical array since this approach assumes that the material microstructure is periodic. Because of
the periodic assumption, the UC approach is computationally efficient. The REV approach assumes
random microstructures. Studies on numerical modeling in MMC have simplified the morphology of
the particle reinforcement to that of a circle, rectangle, or ellipse to study the elastic response of the
composite [17,18]. Good correlation between the numerical predictions and the experimental data was
obtained. Available theoretical studies have shown the effect of reinforcement volume fraction on the
stress distribution and modulus of MMC. However, such an understanding still lacks when particles
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interact with pores in MMC, where the presence of pore close to particle or even within the particle
produces inhomogeneous stress distributions and the load-bearing capacity of MMC is affected.

On the other hand, in polymer matrix composites containing fibers, numerical studies have
shown that the porosity has a much larger influence in transversal properties than the longitudinal
ones and a critical volume fraction exists below when the strength is unaffected by pores [19]. For
solders, the effects of the morphology of intermetallic and porosity volume fraction on the modulus of
the solder were studied by Chawla et al. [20]. They used a 2D microstructure based finite element
modeling to study the effect of the morphology of Ag3Sn intermetallic and porosity on the Young’s
modulus of Sn–Ag solders. The Ag3Sn morphology was controlled by cooling rate; spherical and
needle-like particles were obtained. They conclude that the morphology of the particles should not
have a significant influence on Young’s modulus of the Ag-solder. Rather, the porosity is responsible
for the variability of the elastic moduli. However, in this study the porosity effect was not included in
the numerical model, instead, it analyzed with the (R–A) analytical model.

MMC porosity arises generally by causes of gas entrapment and the evolution of dissolved gases [21].
Although the porosity in MMC can be diminished, its existence is unavoidable [22]. As porosity causes
structural weakness in particulate composites, this factor remains as one of the focuses to attract
researchers’ attention in the development of high-performance materials. Ray [23] classified porosity of
composites in two types: (a) at the boundary of the matrix phase and the reinforcement, and (b) away
from the filler particles in the matrix alloy. In the works of Sun et al. [24] and Podymova et al. [10], it was
found that pores coexist with the clustered and large-sized particles, and they significantly decrease the
mechanical properties of the composites. The porosity in MMC arises from different origins, therefore
it is of great interest to screening the inhomogeneous stress field around pores interacting with hard
particles, and how the discontinuity produced by the pores has a damaging effect on the load-bearing
capacity of the MMC. Finite element analysis is a means of properly interpreting the effect of porosity
on the elastic properties of porous materials [16,19]. This paper aims to investigate the effect of porosity
on the elastic modulus of SiC particle reinforced Al matrix composites. Finite element models based
on the UC and REV approaches were developed. Porosity is considered within the Al matrix and
within SiC particle to determine how the load-bearing capacity of the composite is affected by the
different regions of stress concentration origins. The shapes of the reinforcement particle are angular
and circular in the UC approach. Whereas, in the REV approach, the microstructures were developed
to incorporate the mechanical interaction between the reinforcing particles. Firstly, the numerical
methodology is validated against experimental data available in the literature ranging in a low and
high-volume fraction of reinforcement. Also, the constitutive models of H–S, V–R, and R–A are used
for reference.

2. Numerical Modeling

Square and circular morphologies of the particle reinforcement were selected to elucidate the effect
of the inclusion shape in the elastic moduli. Two validation studies are conducted first by comparing
the FEA results within experimental data reported for the system Co-WC [25] and experimental results
for porous refractory spinel [16]. In the case of matrix strengthening, the composite matrix is made
of cobalt (Co), whose elastic modulus E2 = 207 [GPa], Poisson’s ratio η2 = 0.31 and shear modulus
G2 = 79 [GPa]. The inclusion is tungsten carbide (WC) whose elastic modulus E1 = 700 [GPa],
Poisson’s ratio η1 = 0.23, and shear modulus G1 = 278 [GPa]. For the Co-WC composite, experimental
data of the elastic moduli as a function of the volume fraction of reinforcement ranging at high
concentrations of filler are available in the literature [25]. Therefore, this data allows examining the
reliability of the numerical model when high volume fractions are considered. As the volume fraction
of the reinforcement increases, advanced micromechanical models are needed [26].

In the case of the porous material, the elastic modulus and Poisson’s ratio of MgAl2O4 are Espinel =

268.2 [GPa] and ν0 = 0.262, respectively. For modeling the pore, zero-moduli and zero-Poisson’s ratio
are assigned appropriately to avoid singularities in the numerical model. For computing the effective
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elastic moduli of the materials, two-dimensional (2D) UCs models of 8 × 8 mm with a different volume
fraction of the reinforcement and porosity were created. Plane strain behavior is assumed. In the case
of the UCs models the center of mass of the reinforcement particles coincides with that of the square
representing the matrix. Pores are introduced explicitly in the metal matrix and within the particle
reinforcement. Since the model is 2D, the volume fraction is equal to that of area fraction. The sizes of
the particles are varied to obtain different volume fractions. For the REV models, the volume fraction
and particle sizes are fixed. The unit cell is under tensile loading.

2.1. Linear Elasticity Equations

The governing equations for the static mechanic’s problem are given by the equilibrium equation

∇ ·σ+ f = 0 (1)

where, σ and f are the stress tensor and body force, respectively. For the stress-strain relation, it is
assumed a plane strain model. Therefore, strain normal to the plane is zero, and shear strains that
involve angles normal to the plane are assumed to vanish. Constituent materials are isotropic, so the
constitutive equation (σ = Dε) is given by [27]

D =
E

(1 + ν)(1 + 2ν)

⎡⎢⎢⎢⎢⎢⎢⎢⎢⎣
1− ν ν 0
ν 1− ν 0
0 0 (1− 2ν)/2

⎤⎥⎥⎥⎥⎥⎥⎥⎥⎦ (2)

where E is the Young’s modulus and ν the Poisson’s ratio. Macroscopically, the heterogeneous material
can be assumed as a homogenous medium. The average strains, stress and strain in the composite are
related to the boundary displacements of the UC and the REV by Gauss theorem. Therefore, using
appropriate boundary conditions to produce uniform stress and strain in the homogeneous medium,
the relation between the actual heterogeneous composite and the homogeneous medium is given by
averaging the stress and strain tensors over the area of the unit cell [28].

σi j =
1
A

∫

A

σi j(x, y)dA =
1
A

∫

Γ

(
Euinj + Eujni

)
dΓ (3)

εi j =
1
A

∫

A

εi j(x, y)dA =
1
A

∫

Γ

(
uinj + ujni

)
dΓ (4)

The effective elastic moduli of the metal matrix composite (Ec), is given by substitution of the two
previous equations into the Hook’s law σi j = Ecεi j.

2.2. Finite Element Implementation

The 2D numerical models are developed using the mechanic’s module in the software COMSOL
Multiphysics. Boundary conditions assume plane strain-tension to evaluate the elastic modulus of
the composites. Figure 1 shows the boundary conditions and the periodic microstructures that are
considered for the UCs models. The mesh refinement is applied to ensure mesh independent solutions
for each microstructure. The inclusion volume fraction is varied by changing the inclusion size in a
parametric study, where the circular reinforcement is only able of producing volume fraction up to
0.71% while the square reinforcement a maximum volume fraction of 0.91%. The external load F is set
to 0.1 Pa. The microstructures used in the REV approach are shown in Section 3.2.5. This latter study
was performed to compare the mechanical behavior predicted by the UCs models, with that predicted
by the structure of real composite material. The boundary conditions are the same as those used in the
UCs models.
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(a)  (b) 

(c)  (d) 

 
(e) 

Figure 1. Schematic representation of the unit cell model and its boundary conditions. Particle
reinforcements are considered square and circular. (a) Pore free matrix and pore-free particle. (b) Porous
matrix and pore-free particle. (c) Pore free matrix and porous particle and (d) porous matrix and porous
particle. (e) Porosity at particle–matrix interface. The triangles on the left side represent constraints
displacement in the node.
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3. Results and Discussions

3.1. Comparison of FEA Predictions with Experimental Data

The numerical methodology was validated by comparing the numerical effective elastic modulus
of the composites against experimental data published for the cemented carbides, which consist of WC
particles distributed in cobalt [25]. This study considers small and large granules, with reinforcement
volume fraction ranging from 50–90% and the elastic modulus were determined by resonant ultrasound
spectroscopy (RUS) and impulse excitation. The elastic modulus predicted from the bounds of
Hashin–Shtrikman (H–S) and Voigt–Reuss (V–R) is also used as a reference. The H–S micromechanical
model is perhaps the most widely used because of its accuracy. Bounds are the tightest possible ones
from a range of composite moduli; the two-phase material moduli can be obtained as

E± = E2 +
φ1

1
/
(E1 − E2) +

(
3φ2
/
(3E2 + 4G2)

) (5)

For the computation of the upper bound E2 > E1, meanwhile, the lower bound is computed by
interchanging the subscripts (1, 2) in the previous equation. Here, E is the Young’s modulus, G is the
shear moduli, and φ is the volume fraction.

Figure 2 shows the comparison between H–S bounds on the Young’s modulus for the Co/WC
system, experimental results [25] and numerical data obtained by simplifying the actual particle
morphology to a square and a circle. V–R bounds are also plotted for reference. It is seen that the
numerical predictions fall within the H–S bounds and that the square capture the angular nature of
the WC particles since these data are closer to the experimental values (WC particles are angular).
However, at the volume fraction of filler of 91%, the numerical prediction lies above the H–S upper

bound. The numerical error was evaluated as
∣∣∣∣ (E+

HS − Enumerical
)/

E+
HS

∣∣∣∣, which is lower than 3% at the

volume fraction of 91% with Enumerical = 655 [GPa] and E+
HS = 638 [GPa]. Whenever the numerical

predictions do not overtake the (V–R) bounds, the predictions are considered valid [29]. The upper
bound of the V–R bounds is just 655 [GPa] at the volume fraction of 91%, so the numerical prediction
lies at the upper bound of the V–R model and does no overtake this bound. This confirms that the
predictions for the elastic moduli from the UC models developed are reliable. Results also show that
the square particle has a little greater stiffening effect than the circular particles. Since the square
particle values are close to the experimental ones, no additional effort was undertaken to consider a
polygonal shape of the inclusion.

The information plotted in Figure 2 shows that the numerical model correctly predicts the stiffening
effect. The validity of the developed numerical methodology was evaluated for the prediction of the
effective Young’s moduli when one phase of the composite has a zero-moduli and zero-Poisson’s
ratio. The analytical model for micromechanics of porous mediums proposed by Ramakrishnan and
Arunachalam (R–A) was used as a reference. Experimental data reported in [16] was used to determine
the accuracy of the numerical methodology in capturing the presence of pores in the composite. The
R–A model was established considering that the dispersed phase of the composite has zero moduli,
which means that in the porous area, the stress is zero but not the strain, the equations that describe
this behavior are the following

E∗ = E(1− θ)2/(1 + bθθ) (6)

bθ = 2− 3ν0 (7)

where E is the Young’s modulus of the fully dense material, θ the porosity, and bθ is a constant that
depends on the Poisson’s ratio ν0 of fully dense material.
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Figure 2. H–S bounds (     ), experimental data (   ) [25], numerical data (square   , circle  ) and V–R
bounds ( ) for the Young’s modulus for Co-WC system.

Numerical results were compared to the experimental data for the porous refractory spinel, where
the effective elastic modulus was determined in [16] as a function of the porosity ranging from a
fully dense material up to 40% porosity. Figure 3 shows this comparison when the pore shapes are
circular and square to reflect the effect of pore shape on the Young’s moduli. The circular porous
geometry fit the experimental data better than that of the square one. Since the simulation results
with a circular pore show a close match to experimental data, the pore geometry considered in the UC
models is only circular. The comparison between numerical results and experimental data shows that
the present numerical models developed are also reliable when zero moduli and zero-Poisson´s ratio
are assigned for one phase in the heterogeneous material. The computed results show that the UC
model calculations are in good agreement with experimental data available in the literature [16,25]
which proves the validity of the presented approach for microstructures of two phases. However,
it is necessary to be careful when considering a three-phase material since it is necessary to place
an inclusion (particle or pore) out from the center of mass of the UC model. In this work, pores are
placed in the boundary, at the center of the UC and both the boundary and the center of the UC.
In order to take into care that the composite behavior is not dominated by the boundary conditions
(Saint-Venant’s principle), the influence of pore location on the computed elastic modulus was first
established. As mentioned above, when the pore is in the center of mass of the UC, the numerical
results are close to the experimental data in a wide range of values of pore content (Figure 3). On the
other hand, when the pores are placed on the boundaries of the unit cell, the model predictions are
reliable only when the pore content is ranging in low volume fraction as shown in Figure 4. Besides,
it is observed that the model predictions are reliable when considering porosity up to 14% with a
maximal deviation ((Eexp − EFEM)/Eexp) of 6.6%. Thus, to interpret the numerical results properly
when the pore is out from the center of mass of the UC, pore content should be lower than 14%. It is
assumed that similar accuracy pertains when the numerical methodology is used to find the local
stress and strain for the porous (Al/SiC) composites.
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Figure 3. Variation of the effective elastic moduli for porous spinel. R–A model ((    ), experimental
data (   ) [16] and numerical data (square ,, circle )).

Figure 4. Influence of pore location on the numerical predictions of the elastic modulus. When the
pore is placed at the center of mass, the model is reliable for a wide range of porous volume fraction.
On the other hand, when the pores are placed in the boundaries of the UC, the model is reliable for
porosity content ranging from 0% to 14% with an error lower to 7%.

3.2. SiC Particle Reinforced Aluminum Composites

Aluminum matrix composites possess both structural and functional applications, as a result,
they are being increasingly used in several industries such as automotive; however, with the current
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manufacturing process, it is difficult to avoid the porosity in MMC. Moreover, the porosity arises from
different origins [10,23,24]. Therefore, the porosity has different destructive effects on the strength
of the MMC. This factor has attracted the interest of the current research to investigate the effect of
the porosity using finite element analysis on the load-bearing capacity of Al/SiC composites. The
numerical models based on the microstructures shown in Figure 1 were constructed. The shape of the
SiC particle is considered square and circular to determine the strengthening effect due to the particle’s
shape. The mechanical properties of the particle and matrix are shown in Table 1 [30]. The results are
shown in the next section.

Table 1. Material properties of the SiC particle and Al matrix [30].

Material Young’s Modulus (GPa) Poisson’s Ratio

Al 74 0.33

SiC 410 0.19

3.2.1. Pore-Free Al-Matrix and Pore-Free SiC-Particle

Figure 5 illustrates the surface plots of von Mises stress in the microstructure when the particle and
matrix are fully dense. Both unit cells (square and circular SiC-particle) are under the same external
load and the volume fraction of reinforcement is 0.26%. For the SiC square particle (Figure 5a) the
maximum stress value in the particle is 0.4 Pa, this stress is mainly concentrated at the corners of the
particle. In the case of the circular SiC particle (Figure 5b), its maximum stress value is 0.11 Pa, which is
concentrated at the contour of the particle. A comparison of both the square and circle particles shows
that the stress gradient at the interface of the particle-matrix is larger when the reinforcement shape is
angular (Figure 5a) than when is circular (Figure 5b). In both cases, the stress in the particle is larger
than the stress in the matrix. Regarding the deformation in the composite, the strain in the matrix is
larger than that of the particle because the particles are stiffer than the matrix. Based in the fact that the
external load must equal the sum of the volume-averaged loads borne by the constituents (matrix and
reinforcement). Then, if the reinforcement carries a relatively high proportion of the externally applied
load, it is regarded as acting efficiently (σc = σm(1−φ) + σpφ) [31]. Then, the load is better transferred
from the soft Al-matrix to the hard SiC particles when angular particles are used as reinforcement.
These results agree with that reported in [17], where the load transfer by a shear-lag type of mechanism
is more effective across planar interfaces than a spherical interface.

(a) (b) 

Figure 5. Surface plots of von Mises stress for the composite reinforced by SiC particles of (a) square
shape and (b) circular shape. The volume fraction of reinforcement is 0.26%.
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Figure 6 shows that, at low volume fractions of particle reinforcement, the effective elastic modulus
of the circular particles composite is like that obtained with angular particles (red and black dashed
lines). Then, the amount of transfer external-load from the matrix to the particle reinforcement at low
volume fractions of SiC particles is similar for angular than circular particles. Therefore, at low volume
reinforcement content, the particle shape has little effect on the elastic modulus of the composite.
Figure 6 also shows the comparison between H–S bounds on Young’s modulus for the Al/SiC system
with data from various Al/SiC MMCs experimental results [32–37] and the numerical data obtained
in this study. In the plot, the gathered experimental data—as well as the numerical predictions on
the Young’s modulus of the composite—lies near the lower bound of the H–S model. Therefore, the
prediction on the strength of the Al-SiC composites can be done with a high level of confidence using
the lower bound of the H–S micromechanical model. Numerical predictions of the elastic modulus
based on the square and circular SiC particles are very close to the reported measured data for the Al
alloy-SiC systems. As the volume fraction of SiC increases, angular particles strengthen the composite
better than the circular ones do. According to the H–S lower bound, the circular shape in the numerical
model underpredicts the elastic modulus of the Al-SiC composite. Though these predictions (with
circular particles) fall off from the H–S lower bound, the data reported by Qu et al. [34] demonstrates
that the numerical predictions are reliable and the condition proposed in [29], is confirmed; while
the V–R bounds are not overtaken, the numerical model is reliable. However, the accuracy of the
numerical results must be checked by comparing the results to experimental data.

 

Figure 6. Effect of reinforcement content on the elastic modulus of Al-SiC composite. H–S bounds
(     ), experimental data [32–37], numerical data (square   ,, circle   ) and V–R bounds ( ).

The SiC square or angular particle reinforced Al matrix composites endure more load than
reinforced with SiC round particles as shown in Figure 7. This plot shows the stress ratio (stress in the
particle and the stress in the matrix, σp/σm) as a function of the reinforcement volume fraction. It is
considered that the composite remains elastic independently of the applied load [31]. It is found that
the square and circular particles endure the same load to the volume fraction up to 11%. However,
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above this reinforcement content, the angular particle endures more load. Then, the effective elastic
modulus of the MMC is independent of the particle morphology when the reinforcement content is
lower than 11%.

 
Figure 7. The portion of the external load borne by each of the constituents of the composite. Square
particle (blue) and circular particle (green).

3.2.2. Porous Al-Matrix and Pore-Free SiC Particle

The porosity significantly affects the mechanical performance of the composites. The porosity
increases as the weighting percentage of particles increases. In [21] it was found that the porosity
content of the Al composites varied from 1.01% to 2.69% with the increased SiC wt % from 0% to
25%. A parametric study was performed, where a similar increase-relationship between the amount of
porosity and the content of SiC particles is maintained; where the porosity increases as the volume
fraction of reinforcement do. Porosity content (volume fraction) varies from 0% to 3.1% with SiC particle
added from 1% to 31%. Figure 8 shows the surface plots of von Mises stress in the microstructure
when the Al-matrix is porous, and the SiC-particle is fully dense. These results are based on the
microstructure shown in Figure 1b. The maximum stress obtained in the square particle is about
0.5 MPa (Figure 8a). Whereas, for the circular particle, the maximum stress in the particle is 0.14 MPa
(Figure 8b). In both Al-matrixes (square and circular particle) high-stress concentration around the
pore is observed, with a value of about 0.2 MPa, however, the stress in the matrix is bigger than the
stress in the particle in the case of the circular reinforcement. As the stress in the SiC square particle
is higher than that of the Al-matrix, the load transfer remains effective despite the presence of pores
in the Al-matrix. In Figure 8b it is shown that the stress gradient at the interface of the SiC circular
particle and Al-matrix is low; namely at some points of the interface, the matrix and the reinforcement
endure the same load.
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(a) (b) 

Figure 8. Von-Mises stress distribution of 26% SiC particulate filled porous-aluminum matrix under
tensile loading. (a) Square shape and (b) circular shape.

3.2.3. Pore Free Al-matrix and Porous SiC Particle

Figure 9 shows the surface plots von Mises stress in the microstructure when the Al-matrix is
fully dense, and the SiC-particle is porous. These results are based on the microstructure shown in
Figure 1c. For the square porous particle (Figure 9a), the stress in the particle (maximum stress 0.44 Pa)
is greater than the stress in the matrix, which shows that strengthening of the composite is by transfer
load from the soft Al-matrix to the SiC hard particle. The stress concentration around the pore within
the particle is 0.35 Pa, while the stress located in the angles of the particle is 0.44 Pa. In the case of the
SiC circular particle (Figure 9b), the maximum stress in the particle is around the pore with a value of
0.42 Pa, while in the Al-matrix the stress is lower, so transfer load is also effective in this case. Stress
concentration around the pore is higher for the circular particles than square particles, which means
that circular porous particles are more prone to fracture than angular porous particles when pores
coexist inside the particles.

 
(a) (b) 

Figure 9. Von Mises stress distribution of SiC porous-particulate filled aluminum matrix under tensile
loading. (a) Square shape and (b) circular shape. The volume fraction of SiC particles and pore content
is 26% and 2.6%, respectively.
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3.2.4. Porous Al-Matrix and Porous SiC Particle

Figure 10 shows the surface plots of von Mises stress in the microstructure when the Al-matrix
and the SiC-particle are both porous. These results are based on the microstructure shown in Figure 1d.
In this case, the total porosity is divided into an equal content in the matrix and the particle; so, the pore
content in the matrix is 1.3%, while the pore content in the particle is 1.3%. The total pore content in
the composite is 2.6%. Figure 10a,b show that the stress concentration around the pore in the Al-matrix
is about 0.2 Pa in both cases (the square particle and circular one). However, the stress around the
pore in the SiC particle reinforcement is bigger for the circular particle (0.39 Pa) than the stress in the
pore located in the square particle (0.31 Pa). Therefore, when the matrix is porous, the stress gathering
around the pore within the particles is lower than when the matrix is fully dense. That means that
the pore in the matrix reduces the transfer load mechanism and more load is endured by the matrix
lowering the strengthening of the composite. For the square SiC particle, the maximum stress (in the
corners) is 0.5 Pa, while the stress in the Al-matrix is 0.2 Pa, this shows that the transfer load mechanism
from the matrix to the reinforcement remains despite the pore presence at the matrix and particle.

(a) (b) 

Figure 10. Von Mises stress distribution of SiC porous-particulate filled porous aluminum matrix under
tensile loading. (a) Square shape and (b) circular shape. The volume fraction of SiC particles and pore
content is 26% and 2.6%, respectively.

3.2.5. Porosity at Matrix–Particle Interface

Figure 11 shows the surface plots of von Mises stress in the microstructure when the pore is located
at the particle-matrix interface. For the square particle (Figure 11a), the stress in the particle (0.3 Pa) is
greater than the stress in the matrix (0.09 Pa), which shows that strengthening of the composite is by
transfer load from the soft Al-matrix to the SiC hard particle. The stress is concentrated at the particle
corners, but the highest stress concentration (0.5 Pa) is located at some contact points between the
particle, matrix, and pore. In the case of the SiC circular particle (Figure 11b), the stress concentration
is at all the contact points among the particle, matrix, and pore, and when compared to the square
particle, the stress intensity is two-fold. Moreover, the stress level in the particle (0.13 Pa) is a little bit
greater than that in the matrix (0.11 Pa). Therefore, in the case of the circular particles, the pores located
at the particle–matrix interface significantly affect the transfer load mechanism, whereas in the case of
the angular particles, the transfer load remains effective still because a relatively high proportion of the
externally applied load is endured by the particle. As mentioned in Ray [23] this type of porosity aid
the debonding of particles from the matrix under low stress, because the interface damage starts to
develop since the contact points among the particle matrix and the pores act as a stress concentrator, as
shown here.
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(a) (b) 

Figure 11. Surface plots of the von Mises stress for the composite reinforced by SiC particles of (a)
square shape and (b) circular shape. The volume fraction of SiC particles and pore content is 26% and
2.6%, respectively. Porosity at particle–matrix interface.

It is found that square particles carry much higher stress than matrix in the case of porous matrix
and fully dense particle (Figure 8a). Whereas, in the case of the circular particle, it carries much higher
stress than matrix when the particle is porous, and the matrix is fully dense (Figure 9b). From the
previous results, it can be seen that despite the presence of pore in the composite, stress transfer from
the soft matrix to the hard particle is effective in all cases, except in the case of fully dense circular
particle and porous matrix (Figure 8b), where the matrix endures more load than the particle. Then,
the transfer load is lowered, and this is reflected as a reduction in the elastic modulus of the composite
(Figure 12, black line with circular markers). Figure 12 shows the results gathered from the parametric
study to demonstrate the effect of the porosity in the elastic modulus of the SiC particle reinforced Al
matrix. In this parametric study, porosity content varies from 0% to 3.1% with SiC particle added from
1% to 31%. For the studied cases that consider coexistence of pores inside the particle and the matrix,
the greater impairing on the Young’s modulus of the composite was found to be in the case of the fully
dense particle and porous matrix. The lower impairing on the elastic modulus of the composite is
for the porous particle and fully dense matrix. Intermediate values on the impairing of the Young’s
modulus of the composite are for the case of porous particle and porous matrix, as well as the pore
located at particle–matrix interface when the particle is circular. For the square or angular particles, the
pore within the particle affects the load transfer mechanism in a similar manner to the pore located at
the particle matrix interface. These results mean that the elastic property of the composite is more
sensitive to the porosity in the matrix because the particles are stiffer than the matrix. The declining
trend for the elastic moduli is consistent in both the angular and circular particle shapes. In all cases,
the square or angular particles strengthen the composite when compared to the circular particles.
From the results, it is concluded that the disrupting of continuity in the composite by the presence
of pores causes elastic relaxation of the matrix, which leads to the reinforcement particles (angular
or circular) undergoing increased loads. Consequently, this leads to a relaxation in the particle, and
there is a drop in its stress gathering capability, and thus the resulting effective elastic modulus of the
Al/SiC composite decreases. Therefore, the data indicate that the porosity in the composite matrix is
the main cause in the impairing of the elastic modulus in MMC. In practice, the scatter of experimental
data on the elastic modulus is caused mainly by the porosity in the composite because the difficult of
experimentally reproducing the same porosity in the composite every test. Table 2 shows how the %
increment in porosity in the matrix reduces the elastic modulus of the composite. Moreover, despite
the volume fraction of the reinforcement is increased, if the porosity increase, the impairing on the
Young’s modulus is increased also. Therefore, the porosity plays a significant role in the strength of the
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composites, and for a given porosity in the matrix, it impairs the Young’s modulus in the same way
independently of the shape of the SiC-reinforcement.

Table 2. Porosity increase in the Al-matrix and its effect on the Young’s modulus of the composite.

SiC Volume
Fraction

10% - 20% - 30% -

Shape of the
Particle

1% in
porosity % reduction 2% in

porosity % reduction 3% in
porosity % reduction

Square
88.2 GPa *
80.8 GPa † 8.3 99.3 GPa *

85.1 GPa † 14.3 113.15 GPa *
94.7 GPa † 16.3

Circular
87.3 GPa *
80.0 GPa † 8.3 97.1 GPa *

82.9 GPa † 14.6 109.0 GPa *
90.2 GPa † 17.2

* Pore-free matrix † Porous matrix.

Figure 12. Effect of porosity in the elastic modulus of the Al-SiC composite. φSiC is the reinforcing
content and θ is the porosity content in the composite. Square markers are for the square particle while
circular markers are for the circular particle.

3.2.6. REV Models with SiC Particles Representing 2D Real Microstructures

The effective material properties are linked to the microstructure of composite. Therefore, the
global behavior of the material depends on the microstructure, and modeling of the microstructure is
as important as the prediction of global behavior. To visualize the difference between the material
properties predictions conducted by assuming a single SiC particle of simple geometry in a unit cell,
and those predictions of a cell model with several SiC particles exhibiting statistical homogeneity and
isotropy as the real microstructures. Thus, two cell models (REV approach) that display distribution
and orientation of particles of different sizes and shapes are established. The interactions between
the particles produce a complicated local stress field with high stress concentrations which depends
on the particle morphology. Figure 13 shows the developed microstructures. By comparing these
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microstructures with the experimentally obtained microstructures for SiC reinforced Al matrix
composites reported elsewhere, they are quite similar in the context that the position of the polygonal
particles are randomly defined, the particles present different sizes, shapes, and orientation. Hence,
these microstructures capture the same complicated mechanical interactions as the experimental ones
will do. The volume fraction of reinforcement is 12% (Figure 13a) whereas the pore content is 1.2% in
volume fraction (Figure 13b). The finite element implementation of these unit cell models is the same
followed in Section 2.2, with the main difference that in this section, a parametric study is not needed,
due to the volume fraction of the constituents is fixed. It is important to note that despite the shape of
some pores look like a circle, they are not perfectly circular.

Figure 13. Developed microstructures for Al-SiC composite. (a) Fully dense materials and (b) porous
materials.

Figure 14a,b show the surface plots of von Mises stress in the Al-matrix and the SiC particles,
respectively. The stress in the particles is larger than in the matrix, and the stress in the particles is
mainly concentrated in the sharp angular corners. These results are in agreement with the stress fields
shown previously in Sections 3.2.1–3.2.5. Moreover, the stress field magnitudes are similar for the
matrix as well as for the particles. The Young’s modulus of the composite using this microstructure
is 91.06 GPa, while Young’s modulus predicted by the unit cell (used in Section 3.2.1) is 89.35 GPa.
Evaluating the difference, this value is lower than 2%.

  

(a) (b) 

Figure 14. Von Mises stress distribution in (a) matrix and (b) particles. Constituents are fully dense.

Figure 15a,b show the surface plots of von Mises stress in the porous Al-matrix and the SiC
particles (some particles are porous), respectively. The presence of the pores within the composite
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produces higher stress in the matrix as well as in the particles, but the particles are under higher
stress when compared to the fully dense composite, indicating that the particles undergoing increased
loads. The stress is concentrated in the poles of the pores, in the sharp angular corners of the particles
and at the contact points among the particle, matrix, and pore. The Young’s modulus of this porous
composite is 86.6 GPa. The pore content of 1.2% (volume fraction), reduced the elastic modulus by
about 5% (from 91.06 to 86.6 GPa) despite the load transfer is increased. The mechanical behavior
observed within the structure of a real composite material under load, is similar to that observed in the
results of Sections 3.2.1–3.2.5. Thus, as the results computed with the UCs models are coincident with
experimental data, as well as with the results computed by the REV models, the conclusions drawn by
this research are confirmed. Therefore, the presence of the pores leads to a relaxation of the composite
and reduces its stress gathering capability.

  

(a) (b) 

Figure 15. Von Mises stress distribution in (a) matrix and (b) particles. Matrix is porous while particles
are both porous and pore free.

4. Conclusions

In the present work, 2D models (UC and REV approaches) and finite element analysis are used
to investigate the porosity effect on the SiC particle reinforced Al matrix composites. The reliability
of the numerical methodology was validated by comparing the numerical results against several
experimental data, micromechanical constitutive models, and structures that represent real composite
materials. The main results to be highlighted are as follows:

(1) In the case of fully dense SiC particles and fully dense Al-matrix, the square and circular particles
endure the same load to the volume fraction up to 11%. However, above this reinforcement
content, the angular particle endures more load. Therefore, the effective elastic modulus of the
MMC is independent of the morphology when the reinforcement content is lower to 11%.

(2) Despite the presence of pore in the composite, stress transfer from the soft matrix to the hard
particle is effective in all cases, except in the case of fully dense circular particle and porous matrix.

(3) For pores within the particles, the stress concentration around the pore is higher for the circular
particles than the square ones.

(4) The elastic modulus is more sensitive to porosity in the matrix, which is a common defect in MMC.
(5) For the square or angular particles, the pore within the particle affects the load transfer mechanism

in the same way to the pore located at the particle matrix interface.
(6) For the porosity at the particle–matrix interface, the contact points among the particle, matrix,

and the pore acts as a stress concentrator.
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(7) The porosity plays a significant role in the strength of the composites, and for a given porosity
in the matrix, it impairs the Young’s modulus in the same way independently of the shape of
the SiC-reinforcement.
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Abstract: This paper examines dispersion hardened alloys based on commercial-purity aluminum
obtained by permanent mold casting with the addition of aluminum oxide nanoparticles. Ultrasonic
treatment provides a synthesis of non-porous materials and a homogeneous distribution of
strengthening particles in the bulk material, thereby increasing the mechanical properties of pure
aluminum. It is shown that the increase in the alloy hardness, yield stress, ultimate tensile strength,
and lower plasticity depend on the average grain size and a greater amount of nanoparticles in
the alloy.
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1. Introduction

The development of aerospace and automotive industries is accompanied by increased
requirements for the materials applied, in particular, high specific strength, workability, and low
cost [1,2]. Conventional aluminum alloys do not fully meet these requirements. For example, zirconium-
and scandium-containing alloys currently used in industry possess the appropriate level of mechanical
properties but are rather expensive [3–5]. Consequently, new, lightweight metal-based materials with
the required properties are being intensively developed.

The use of metal matrix composites seems to be relevant [1,6,7] because the mechanical properties
of such composites can be improved by the addition of high-melting particles, including ceramic
nanoparticles [8–13]. There are different methods of manufacturing such materials, but casting
technologies are the most universal and efficient [14,15]. At the same time, the production of composite
materials using casting technology is connected with a spectrum of problems concerning particle
agglomeration and flotation due to low wettability with melt [16–19]. As a result, the composite density
lowers, and the structure becomes non-homogeneous, leading to a decrease in the mechanical properties
of the material. This problem can be solved by several methods, namely the coating deposition onto
particles to enhance wettability [20], the addition of a master alloy, and the exposure of molten metal to
external effects. One such effect is the ultrasonic melt treatment. As is known, the ultrasonic treatment
provides melt degassing and also allows the introduction and distribution of nanoparticles owing to
their wettability and deagglomeration. These uniformly distributed nanoparticles promote structural
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refinement and harden the material. Structural refinement occurs due to the melt overcooling around
the introduced particles on which grains start to grow. Dispersion hardening is achieved by the
particle’s ability to resist dislocation motion during deformation. This requires additional energy to
overcome these barriers.

In most publications focused on the investigation of the nanoparticle effect on the structure and
properties of aluminum, a small amount (not over 0.5 wt.%) of additives was used alongside base alloys
with complex chemical compositions. For example, Vorozhtsov et al. [21] introduced non-metallic
nanoparticles via an A356 aluminum alloy. This allowed them to significantly increase the yield stress,
ultimate tensile strength, and plasticity of the alloy. The difference in the thermal-expansion coefficients
of the matrix and nanoparticles made the most important contribution to the improvement of the
mechanical properties of the alloy. At the same time, the presence of other elements in alloys prevents
one from fully appreciating the contribution of nanoparticles in matrix deformation and failure.

The aim of this work is to explore the influence of different amounts of aluminum oxide (Al2O3)
nanoparticles on the structure and mechanical properties of pure aluminum.

2. Materials

2.1. Preparation of Nanoparticles

Al2O3 nanoparticles were used in this experiment as a hardener. They were obtained by the
electrical explosion of wire [22]. The structure, particle distribution histogram, and phase composition
of the initial Al2O3 nanoparticles are shown in Figure 1.

Al2O3 nanoparticles and aluminum powder (20 μm) were mixed with the addition of 200 mL
petroleum ether and 1.5 wt.% octadecanoic acid as a superficially active substance to provide
deagglomeration and homogeneous distribution of the nanoparticles. After 20 min of mixing, the powder
composition was air-dried and then sifted. The powder composition was wrapped in foil to achieve a
cylindrical package. The prepared powder mixture was then introduced to the melt.

 
(a) (b) 

Figure 1. Cont.
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(c) 

Figure 1. TEM image of the structure (a), particle distribution histogram (b), and powder X-ray
diffraction [22] (c) of the Al2O3 nanoparticles.

2.2. Alloy Casting

The 1100 aluminum alloy (99.0 wt.% Al, 0.8 wt.% Si, 0.04 wt.% Mg) castings were prepared in
a laboratory-scale melter with the addition of master alloy containing ceramic Al2O3 nanoparticles.
The ultrasonic treatment (UST) for 2 min, and the addition of the master alloy was carried out
simultaneously at 730 ◦C. The aluminum alloy melt was prepared at 1003 K in an electric furnace, in a
clay graphite crucible. The permanent mold casting in a 100 × 150 × 10 mm3 steel die was then used to
obtain the cast products. Prior to experimental research, the cast products were annealed at 300 ◦C for
one hour. Alloys with nanoparticles of aluminum oxide were also obtained without using ultrasonic
treatment (no UST).

3. Methods

The electron backscatter diffraction (EBSD) technique for a Tescan Vega II LMU scanning electron
microscope (SEM) (TESCAN ORSAY HOLDING, Brno, Czech Republic) was used to study the grain
structure and orientation of the alloy surface. The surface was prepared by mechanical polishing and
ion milling on a SEMPrep2 multifunction device (Technoorg Linda Co. Ltd., Budapest, Hungary). The
EBSD analysis of the obtained data was performed via HKL Channel 5 software (Oxford Instruments,
High Wycombe, UK).

In accordance with the ASTM E-8M-08 standard, the plate-like samples had 25 mm gauge length,
2 mm thickness, 6 mm width, and 14 mm spherical radius and were obtained via electrical discharge
machining. The samples were used for uniaxial tension testing on an Instron 3369 Dual Column
Tabletop Testing System (Instron European Headquarters, HighWycombe, UK) conducted at 24 ◦C
with a 0.001 s−1 strain rate.

The Brinell hardness test method was used to determine the Brinell hardness, as defined in the
ASTM E103 standard, using a wide sample surface in different places. For hardness measurements,
a Duramin 500 (Struers GmbH, Ballerup, Denmark) hardness tester was used. Measurements were
carried out at a 2500 N indentation load over 30 s. More than 20 measurements were performed
for each sample. The sample surface was prepared in accordance with the standard procedures for
abrasive machining.

4. Experimental Results

The grain structure and the grain size distribution in the studied alloys are illustrated in Figure 2.
The average grain size of the initial Al 1100 alloy is 200 μm. The grain size of 112 and 69 μm belongs to
the dispersion-hardened alloys with 0.5 and 1 wt.% Al2O3, respectively.
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(a) 

(b) 

(c) 

=500 μm; Phase+GB; Step=9,648 μm; Grid255x180

=200 μm; Phase+GB; Step=4,824 μm; Grid246x162

=200 μm; Phase+GB; Step=4,824 μm; Grid246x167

Figure 2. EBSD images of the structure and block diagrams of the grain size distribution in the alloy
samples: (a) initial state, (b) 0.5 wt.% Al2O3, (c) 1 wt.% Al2O3. dg is the grain size, and N/n is the ratio
between the number of measurements and the number of grains of a certain size.

The results of the Brinell hardness tests are shown in Figure 3.
As can be seen from Figure 3, the Brinell hardness increases with an increasing content of hardening

nanoparticles and decreasing average grain size. Its maximum value of 21.7 HBW is observed after
the addition of 1 wt.% Al2O3. The increased content of 1.5 wt.% Al2O3 does not change the alloy
hardness. The addition of 0.1 wt.% Al2O3 without ultrasonic treatment produces an insignificant
hardness increase from 18.5 to 19.6 HBW. A further increase in Al2O3 content lowers the alloy hardness
because the nanoparticle distribution in aluminum cannot be reached without ultrasonic treatment.

The stress–strain curves resulting from the uniaxial tensile tests are presented in Figure 4.
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Figure 3. The dependence between the Brinell hardness and Al2O3 content in the 1100 aluminum alloy.
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Figure 4. Stress–strain curves obtained for the tensile test samples from investigated alloys: Al 1100:
Initial state; Al 1100/0.5 wt.% Al2O3; Al 1100/1 wt.% Al2O3.

Table 1 presents the mechanical properties of aluminum alloys with different amounts of Al2O3

nanoparticles. According to this table, when the content of Al2O3 nanoparticles increased to 1 wt.%,
the yield stress (YS) and the ultimate tensile strength (UTS) grew from 12 to 27 MPa and from 48.75 to
79.1 MPa, respectively. The growth of YS and UTS led the plasticity to reduce from 45% to 34.4%.

Table 1. Mechanical properties of the investigated alloys.

Alloy Composition P × 103, g/mm3 YS, MPa UTS, MPa εmax, % Brinell Hardness

Initial state 2.68 12.08 48.75 45 19.36
0.5 wt.% Al2O3 2.66 16.36 58.85 41.8 20.08
1 wt.% Al2O3 2.69 27.40 79.10 34.4 21.73

Figure 5 shows the yield stress (YS) and the ultimate tensile stress (UTS), which are dependent on
the concentration of Al2O3 nanoparticles in the 1100 aluminum alloy.

As shown in Figure 5, the addition of Al2O3 nanoparticles with ultrasonic treatment in the
amount of 0.1 wt.% significantly increased both the yield stress and the ultimate tensile stress. Al2O3

nanoparticles introduced in an amount over 0.1 wt.% decreases the yield stress. The ultimate tensile
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stress is the same. The addition of Al2O3 nanoparticles without ultrasonic treatment does not allow
enhancement of the mechanical properties of the alloy. One can see the reduction in the yield stress
from 8 to 4 MPa, the ultimate tensile stress from 35 to 16 MPa, and the plasticity from 35% to 5%.

  
(a) (b) 

Figure 5. The dependencies of (a) the yield stress (YS) and (b) the ultimate tensile stress (UTS)
depending on the Al2O3 nanoparticle concentration in the 1100 aluminum alloy.

5. Discussion

The investigation results of the alloy microstructure show that the presence of Al2O3 nanoparticles
in the melt affects the grain size. This is because the melt–nanoparticle system is in a low-stability state.
Therefore, any thermal effects on the grain nucleation from inoculant particles modify the aggregate
state of the melt on their surface. As a result, the matrix starts to crystallize, and decreases the size of
the grain nucleus, thus forming a lower grain size. A homogeneous distribution of inoculant particles
in the melt provides the formation of a uniform structure in the bulk material.

The significant improvement of the mechanical properties of pure aluminum can be explained
by the influence of four hardening mechanisms: The Hall–Petch relationship, Orowan strengthening,
the particle-to-matrix load transfer, and the material hardening owing to the difference between the
thermal-expansion coefficients of the particles and the aluminum matrix.

5.1. Hall–Petch Relationship

The contribution of grain refinement to the improvement of the mechanical properties of the
material can be calculated by the Hall–Petch relationship [23]:

σGR = ky(D−
1
2 −D

1
2
0 ), (1)

where D and D0 are the grain size, and ky is the Hall–Petch coefficient (~68 MPa).
In accordance with the Hall–Petch relationship, the addition of 0.5 and 1 wt.% Al2O3 enhances

the mechanical properties of pure aluminum by 2.4 and 3.7 MPa, respectively.

5.2. Orowan Strengthening

The Orowan strengthening mechanism implies the direct influence of homogeneously distributed
solid particles on precipitation hardening. These particles impede the smooth motion of dislocations
through the matrix over its slip planes. When the particle size is greater than 1 μm, this effect can be
neglected [1]. The increase in precipitation hardening is in inverse proportion to the distance between
particles. Thus, the smaller the particles, the stronger the hardening. The latter can be achieved

146



Metals 2019, 9, 1199

in an inverse proportion to the volume fraction of particles. The contribution of Orowan [24,25]
strengthening to the mechanical properties of the alloy can be obtained from

σOR =
0.13bGm

λ
ln

dp

2b
(2)

where λ is the geometry of the distance between particles. This value is calculated as

λ = dp((
1

2Vp
)

1
3 − 1) (3)

where b is the Burgers vector, Gm is the shear modulus, dp is the mean diameter of nanoparticles, and
Vp is the volume fraction of the particles.

In accordance with Orowan strengthening, the addition of 0.5 and 1 wt.% Al2O3 allows us to
improve the mechanical properties of pure aluminum, respectively, by 19.7 and 36.4 MPa.

5.3. Particle-to-Matrix Load Transfer

The particle-to-matrix load transfer is caused by the direct particle contribution to the hardening
process. This particle contribution depends on the amount in the alloy and can be written as [16]

σload = 0.5Vpσm, (4)

where Vp is the volume fraction of Al2O3 nanoparticles, and σm is the yield stress of the matrix alloy
(12 MPa).

The calculated load transfer is 2.16 and 4.32 MPa for 0.5 and 1 wt.% Al2O3, respectively.

5.4. Difference between the Thermal-Expansion Coefficients of the Particles and Aluminum Matrix

When the alloy temperature drops to room temperature, volume inconsistency between the
matrix and strengthening particles can be produced by the difference between their thermal-expansion
coefficients. This subsequently leads to the formation of dislocations around the strengthening particles.
The length of the generated dislocation loop is determined by the value of πdp (dp is the particle size).
Material hardening due to the difference in thermal-expansion coefficients can then be evaluated as [16]

ΔσCTE = βGb(
12(αm − αp)ΔTVp

bdp(1−Vp)
)

1
2

(5)

where β is the constant (~1.25), αm is the thermal-expansion coefficient of the Al matrix (23 × 10−6

1/K), αp is the thermal-expansion coefficient of the strengthening particles (7 × 10−6 1/K), and ΔT is the
difference between the synthesis (725 ◦C) and room (25 ◦C) temperatures. The value of dp is used here
as an average distance between the particles (~1.8 μm) calculated for the alloy sample with 1 wt.%
Al2O3. This is shown in Figure 6.

G = 0.5Em/(1 + ϑ) (6)

where Em is the Young’s modulus for aluminum (70 GPa), υ is the Poisson ratio (0.33), and b is the
Burgers vector (0.286 nm). The difference in the thermal-expansion coefficients calculated for the
alloy sample with 1 wt.% Al2O3 is 20 MPa. Based on the results obtained, it can be concluded that
in introducing Al2O3 nanoparticles to pure aluminum, the Orowan strengthening and the difference
in a uniform thermal-expansion coefficients of the matrix and the particles dominate among other
indicated mechanisms of precipitation hardening.

For pure aluminum, the picture is observed when the introduction of nonmetallic inclusions
increases the yield strength, tensile strength, and decreases the plasticity, which corresponds to the
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results presented in [2,14,26,27]. Moreover, the introduction of nanoparticles, including aluminum
oxide, into aluminum alloys can lead to a simultaneous increase in plasticity [21,28–30]. All this
indicates that the alloying elements contained in aluminum alloys significantly change the deformation
process. Nanoparticles can lead to atypical dependences of changes in mechanical properties alloys
but not pure metals. In the future, it will be necessary to consider the contribution of alloying elements
and nanoparticles to the formation of the mechanical properties of the alloy.

 
Figure 6. SEM image of the alloy sample with 1 wt.% Al2O3.

6. Conclusions

This work has clearly shown that the addition of Al2O3 nanoparticles to commercial-purity
aluminum promoted its structural refinement and reduced the average grain size from 200 to 69 μm.

This grain refinement and the addition of Al2O3 nanoparticles allowed us to increase the alloy
hardness from 19.36 to 21.73 HBW, the yield stress from 12.08 to 27.4 MPa, and the ultimate tensile
strength from 48.75 to 79.1 MPa. It was shown that the mechanical properties of pure aluminum
depend mostly on two hardening mechanisms: The Orowan strengthening and the difference in
thermal-expansion coefficients of the matrix and the particles. The contribution of these two mechanisms
to precipitation hardening of the alloy sample with 1 wt.% Al2O3 was 36 and 20 MPa, respectively.
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Abstract: In the present study, aluminum alloys of the Al-Mg system with titanium diboride particles
of different size distribution were obtained. The introduction of particles in the alloy was carried out
using master alloys obtained through self-propagating high-temperature synthesis (SHS) process.
The master alloys consisted of the intermetallic matrix Al-Ti with distributed TiB2 particles. The master
alloys with TiB2 particles of different size distribution were introduced in the melt with simultaneous
ultrasonic treatment, which allowed the grain refining of the aluminum alloy during subsequent
solidification. It was found that the introduction of micro- and nanoparticles TiB2 increased the yield
strength, tensile strength, and plasticity of as-cast aluminum alloys. After pass rolling the castings
and subsequent annealing, the effect of the presence of particles on the increase of strength properties
is much less felt, as compared with the initial alloy. The recrystallization of the structure after pass
rolling and annealing was the major contributor to hardening that minimized the effect of dispersion
hardening due to the low content of nanosized titanium diboride.

Keywords: aluminum alloy; titanium diboride; master alloy; structure; mechanical properties

1. Introduction

At present, a wrought AA5056 alloy is widely used in aircraft engineering, maritime transport,
and pipeline design due to high corrosion resistance and good weldability by traditional methods [1,2].
The AA5056 alloy is mainly used as sheets. The highest mechanical properties of this alloy are achieved
by dispersion hardening with the introduction of elements such as zirconium or scandium [3–5].
The main disadvantage of dispersion hardening is the high cost which leads to a significant increase
in the cost of products. Under the production of the rolled metal, additional deformation treatment
affects the formation of the internal structure of an alloy that directly influences the change in its
mechanical properties. In addition to dispersion hardening and deformation, there are methods
to obtain high physical and mechanical properties of aluminum alloys, such as the modification of
the structure by grain refining during melt solidification and the hardening of the metal matrix by
introducing submicron non-metallic particles [6–9].
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To refine or modify the structure, a chemical inoculant is usually introduced into an aluminum
alloy. Due to the close parameters of the crystal structure and specific size, inoculants can act as centers
of heterogeneous nucleation upon undercooling the liquid metal during its solidification [10]. Titanium
diboride (TiB2) is the most widely used grain refiner for aluminum alloys. TiB2 modifier is introduced
by the “ex-situ” method using Al-5Ti-1B master alloys [10–12] (containing Al3Ti and TiB2 particles in the
aluminum matrix), or is synthesized by the “in-situ” method using K2TiF6 and KBF4 [13]. As shown
by recent studies, titanium diboride particles are not sufficiently active centers of solidification by
themselves and require the formation of a two-dimensional compound Al3Ti on their surface [10]. It
has been shown in [14] that the optimal size of titanium diboride particles is from 1 to 5 μm for their
use as inoculants in aluminum alloys upon conventional cooling rates and corresponding levels of
melt undercooling. At the same time, it is known that for dispersion hardening of aluminum alloys,
involving the Orowan mechanism, it is necessary to use particles with size less than 500 nm, such as
aluminum oxide [15,16], silicon carbide [17], etc. These fine non-metallic particles become an obstacle
for the moving dislocations in aluminum upon its deformation [18]. In this case, non-metallic particles
should be uniformly distributed in the volume of the aluminum matrix, and have a good connection
with the matrix which is retained during the dislocation motion. However, there are some problems
with the introduction of particles into the metallic melt, related to their agglomeration and flotation
due to poor wettability by the liquid metal. To solve these problems, ultrasonic (US) treatment can
be used. US treatment allows for the degassing of the melt [19], improves the wettability and the
distribution of nanoparticles [20] in the liquid volume. Master alloys with nanoparticle-reinforced
aluminum matrix [16] are also used to improve the wettability of nanoparticles with the melt. Titanium
diboride can be an effective obstacle to the motion of dislocations in aluminum due to its high hardness
and stability [21]. Hence, the motivation for this study is the simultaneous use of titanium diboride
particles for both the grain refinement and the dispersion hardening of the structure of aluminum alloys.
This can be accomplished through the usage of the master alloys with a given chemical composition
containing titanium diboride particles in a bimodal size distribution in nano- and micro-size ranges.
For example, it has been shown in [22] that when modifying titanium diboride microparticles and
aluminum oxide nanoparticles were introduced separately, the microstructure was refined and the
aluminum matrix was reinforced, resulting in the increased strength and electrical conductivity.

One of the possible methods for obtaining the bimodal distribution of titanium diboride particles
in a master alloy can be self-propagating high-temperature synthesis (SHS) [23]. In this case, titanium
diboride particles in the master alloy are formed during combustion, and the size of titanium diboride
particles and the phase composition of the matrix of obtained master alloys can be changed by controlling
the process (speed, combustion temperature) of the initial powder system Al-Ti-B. Under the use of
the exothermic reaction of stoichiometric ratios of titanium and boron at the production of the master
alloys, the method specified can be considered as energy efficient since it does not require additional
power sources to initiate and sustain the combustion.

Thus, the aim of this study is to investigate the effect of introducing master alloys containing
titanium diboride particles on the structure and mechanical properties of aluminum alloys of the
Al-Mg system in the as-cast condition and after deformation.

2. Materials and Methods

2.1. Master Alloys Production

Master alloys (MA) obtained by SHS process from the initial powder mixture of aluminum,
titanium, and boron were used for the introduction of titanium diboride particles into the aluminum
melt. Morphology, dispersion, chemical composition of powder materials, equipment for obtaining of
alloys, and the procedure of SHS testing are described in detail in [22,24]. Here we give briefly some
essential data.
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The exothermic reaction of the powder systems is characterized by the interaction of titanium and
boron, based on the formation of the intermetallic phase Ti3Al:

4Ti + 2B + Al = TiB2 + Ti3Al+Q.

The SHS process is used to obtain composites. Each individual powder particle can be represented
schematically as follows. SEM images of the obtained SHS materials can be found elsewhere [22].
The master alloy contains uniformly distributed particles of titanium diboride in the Ti-Al matrix
(see Figure 1).

Figure 1. The microstructure of the master alloy [22]

The phase compositions of the obtained master alloys are listed in Table 1, and X-ray patterns are
presented in Figures 2–4.

Figure 2. X-ray diffraction diagram of the MA1.

Figure 3. X-ray diffraction diagram of the MA2.
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Figure 4. X-ray diffraction diagram of the MA3.

Table 1. Compositions of master alloys.

Master-Alloy Phase Phase Content, wt% Lattice Parameter, Å

1

TiB2 30 a = 3.0296, c = 3.2260

Al3Ti 26 a = 4.0123

Ti3Al 9 a = 5.6683, c = 4.5854

TiAl 35 a = 4.0115

2

TiB2 30 a = 3.0293, c = 3.2257

Al3Ti 40 a = 3.9484, c = 8.4989

Ti3Al 14 a = 5.6640, c = 4.6344

TiAl 16 a = 4.0278

3
TiAl 57 a = 4.0319

TiB2 43 a = 3.0140, c = 3.2000

Changes in the lattice parameters of the components in the obtained master alloys were observed.
This is due to the high temperature and flow rate of SHS, during which there is a distortion of the
lattice and the change of lattice parameters. Due to the different composition of the initial components,
the time and speed of the process change, which leads to different lattice parameters for the TiB2, Al3Ti,
Ti3Al, and TiAl phases in the master alloys.

The histograms of the particle size distribution for titanium diboride particles are presented
in Figure 5. The particle is initially composite. After synthesis, the obtained materials were crushed
and milled into powder. The particles of the obtained powder material consisted of an intermetallic
matrix of type (Ti-Al) and TiB2 particles were uniformly distributed in it. The matrix was then etched
with a solution of H2O-20%HCl for 72 h. Further TiB2 particles were mixed with aluminum powder.
The resulting mixtures were pressed into tablets with a diameter of 23 mm. The resulting tablets were
sintered in a vacuum furnace for 1 h at a temperature of 600 ◦C.
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Figure 5. Histograms of the particle distribution in master alloys MA1 (a), MA2 (b), and MA3 (c) as
determined in ANALYSETTE 22 MicroTec plus.

2.2. Obtaining the Alloys

An aluminum alloy AA5056 (91.9–94.68 wt% Al, 4.8–5.8 wt% Mg) was used as the starting material.
A total of 1 kg of the AA5056 alloy was placed in a clay-graphite crucible, melted in an electric muffle
furnace at a temperature of 780 ◦C, and kept for 2 h. Then the crucible was removed from the furnace by
using a holding device, and a master alloy was introduced into the melt with simultaneous ultrasonic
treatment at a temperature of 730 ◦C. Ultrasonic processing was carried out using a magnetostrictive
water-cooled transducer at a power of 4.1 kW and a frequency of 17.6 kHz. After complete dissolution
of the master alloys ultrasonic treatment continued for a further 2 min. The liquid metal was then
placed in the furnace for 30 min, and then ultrasonic treatment was carried out for another 2 min.
The melt was poured into a chill mold at a temperature of 720 ◦C. In addition, AA5056 + MA1
alloys without ultrasonic treatment and an AA5056 alloy with ultrasonic treatment were obtained as
references. The data of obtained alloys are given in Table 2.
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Table 2. A list of obtained alloys.

Alloy Matrix
Ultrasonic
Treatment

Master Alloy
TiB2 Particle Quantity
in a Master Alloy, %

TiB2 Particle Quantity
in 1 kg of an Alloy

AA5056 + - - -
AA5056 - МA1 30 4 × 1020 ± 6 × 1010

AA5056 + МA1 30 4 × 1020 ± 6 × 1010

AA5056 + МA2 32 4 × 1020 ± 6 × 1010

AA5056 + МA3 43 4.5 × 1020 ± 7.3 × 1010

Particle quantity for MA1 was 17 vol.% nano-83 vol.% micro, for MA2 14 vol.% nano-86 vol.%
micro, for MA3 18% nano-82% micro.

2.3. Rolling Technique

Prismatic samples with a size of 11 × 17 × 40 mm3 were machined from the resulting castings.
For rolling, a rolling mill with a roll diameter of 80 mm and a rotation speed of 24 rpm was used.
Rolling of the aluminum alloys was carried out after preheating the samples in a muffle furnace at 300
◦C for 30 min. Rolling was carried out to change the sample thickness from 11 to 2 mm in several cycles
with intermediate heating for 15 min at 300 ◦C. Each cycle was divided into seven reversible passes.
A single-pass rolling provided compression up to 4%. The number of passes per cycle was selected
experimentally based on the sample temperature during cooling. Rolling at lower temperatures leads
to the appearance of defects within the sample volume and the main crack growth during subsequent
working cycles regardless of the temperature and deformation modes applied.

2.4. Methods of Analysis of Initial Materials and Alloys

The structures of the obtained materials were investigated through optical microscopy, Olympus
GX71 (Olympus Scientific Solutions Americas, Waltham, MA, USA). Samples were subjected to
preliminary mechanical polishing, electrolytical etching, and anodization. The electrochemical
oxidation of the metallographic specimen surface in a 5% solution of hydrofluoric acid (HBF4) at
a voltage of 20 V and a current of 2 A was carried out to identify grain boundaries. Grain sizes were
determined by a random linear intercept method from electronic images of the structure.

The phase composition and the structure of master alloys were performed using X-ray phase
and X-ray diffraction methods. X-ray diffraction analysis of master alloys was performed using
a SHIMADZU XRD 6000 diffractometer (Shimadzu, Tsukinowa, Japan). The phase composition
analysis was carried out using PDF 4+ databases, as well as the POWDER CELL 2.4 full-profile analysis
program. The particle dispersion was researched on ANALYSETTE 22 MicroTec plus (FRITSCH,
Gamburg, Germany) by laser diffraction. Particle dispersion was measured in water. Mechanical
tests were performed on a universal testing machine, Instron 3369 (Instron European Headquarters,
High Wycombe, UK), at the speed of 0.2 mm/min. The samples were cut from castings and rolling
products using electrical discharge machining (Scientific Industrial Corporation DELTA-TEST, Fryazino,
Moscow Region, Russia). The samples are shaped as flat double-sided blades with a thickness of 2 mm,
the ratio of the width of the working and holding parts is greater or equal to 1.5. Tests were conducted
according to ASTM B557-15.

3. Results

The optical micrographs of the microstructures of the AA5056-based alloys are presented
in Figure 6.

156



Metals 2019, 9, 1030

Figure 6. Microstructure of obtained alloys: AA5056 reference ultrasonic (US) (a), AA5056 +MA1 US
(b), AA5056 +MA2 US (c), AA5056 +MA3 US (d), AA5056 +MA1 without US (e).

The average grain size of the initial alloy AA5056 after ultrasonic treatment (AA5056 reference
US) was 205 ± 30 μm (Figure 6a). Ultrasonic treatment of the alloy AA5056 allows obtaining the
microstructure with equiaxed grains. The introduction of the master alloy MA1 with ultrasonic
treatment (AA5056 +MA1 US) reduced significantly the average grain size of the alloy AA5056 from
205 ± 30 to 164 ± 12 μm (Figure 6b). The addition of the master alloy MA2 (AA5056 +MA2 US) had
a similar effect, reducing the average grain size to 163 ± 18 μm (Figure 6c), while the master alloy МA3
(AA5056 +MA3 US) reduced the grain size to 158 ± 8 μm (Figure 6d). Grain distribution histograms of
the AA5056-based alloys are presented in Figure 7. At the same time, there are grains with size larger
than 250 μm in the structure of the alloy AA5056 obtained without US (AA5056 +MA1 without US).
The use of the master alloy without ultrasonic processing did not allow for introducing particles and
distributing them in the volume of the ingot. Since the alloy had non-uniform distribution of particles,
the grain of the alloy AA5056 cannot be refined, and its average size was 250 ± 17 μm and large pores
were observed in the structure (see black inclusions in Figure 6e).
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Figure 7. Grain distribution histograms of obtained alloys: AA5056 reference US (a), AA5056 +MA1
US (b), AA5056 +MA2 US (c), AA5056 +MA3 US (d), AA5056 +MA1 without US (e).

The stress-strain diagrams obtained under uniaxial tension of flat samples from tested
AA5056-based aluminum alloys are given in Figure 8.
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Figure 8. Diagrams of uniaxial tension of AA5056-based cast alloys.

The analysis of the diagrams allowed us to estimate the yield strength, tensile strength,
and elongation of the cast AA5056 reference US alloy as 57 MPa, 155 MPa, and 11.5%, respectively
(Table 3). After addition of MA1 (AA5056 +MA1 US), its mechanical properties increased significantly:
yield strength from 57 to 74 MPa, tensile strength from 155 to 192 MPa, and elongation from 11.5% to
14.5% (Table 3). The introduction of particles from MA2 (AA5056 +MA2 US) also led to the increase
in yield strength from 57 to 71 MPa, tensile strength from 155 to 201 MPa, and elongation from 11.5%
to 18.8% (Table 3). Finally, the addition of MA3 (AA5056 +MA3 US) did not change the yield strength
which amounted 69 MPa, increase tensile strength from 155 to 200 MPa, and elongation from 11.5% to
17.8% (Table 3). Without ultrasonic processing, the addition of MA1 (AA5056 +MA1 without US) into
the base alloy decreased the yield strength from 57 to 53 MPa with negligible change in tensile strength
from 155 to 159 MPa, and elongation from 11.5% to 12.9%.

Table 3. Mechanical properties of as-cast AA5056-based alloys.

Alloy σ0.2, MPa σB, MPa δ, %

AA5056 US 57 ± 4 155 ± 11 11.5 ± 0.8
AA5056 US +MA1 74 ± 7 192 ± 14 14.5 ± 0.4
AA5056 US +MA2 71 ± 6 201 ± 12 18.8 ± 0.6
AA5056 US +MA3 69 ± 8 200 ± 10 17.8 ± 0.5

The yield strength increases up to 345 MPa under the subsequent deformation by rolling of
workpieces obtained from castings of the alloy AA5056 US, and it decreased to 328, 304, 330 MPa
with the additions of master alloys MA1 (AA5056 US +MA1), MA2 (AA5056 US +MA2), and MA3
(AA5056 US +MA3), respectively (Table 4).

Table 4. The mechanical properties of deformed AA5056-based alloys.

Alloy σ0.2, MPa σB, MPa δ, %

Pass rolling

AA5056 US 345 ± 11 369 ± 16 9.6 ± 0.3
AA5056 US +MA1 328 ± 13 365 ± 17 12.3 ± 0.4
AA5056 US +MA2 304 ± 16 349 ± 19 8.4 ± 0.2
AA5056 US +MA3 330 ± 12 350 ± 17 10 ± 0.3

Pass rolling + annealing

AA5056 US 217 ± 9 311 ± 11 22.2 ± 0.3
AA5056 US +MA1 189 ± 10 309 ± 13 17.9 ± 0.1
AA5056 US +MA2 197 ± 7 286 ± 10 18.9 ± 0.2
AA5056 US +MA3 226 ± 8 316 ± 12 22.4 ± 0.1
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The introduction of MA1 (AA5056 US +MA1) led to an increase in the elongation from 9.6% to
12.3%, but the strength did not change and equaled 365 MPa (Table 4, Figure 9). The addition of MA2
(AA5056 US +MA2) reduced the elongation to 8.4% and the strength, from 369 to 349 MPa (Table 4,
Figure 9). The introduction of MA3 (AA5056 US +MA3) did not reduce the elongation but decreased
the tensile strength from 369 to 350 MPa.

Figure 9. Stress-strain diagrams of aluminum alloys with master alloy additions MA1–MA3 after pass
rolling and annealing.

After annealing, the yield strength, tensile strength, and elongation of the AA5056 US alloy were
217 MPa, 311 MPa and 22.2%, respectively. The additions of MA1 (AA5056 US + MA1) or MA2
(AA5056 US +MA2) did not increase mechanical properties after pass rolling and annealing (see Table 4
and Figure 9). The introduction of MA3 (AA5056 US +MA3) did not reduce the mechanical properties
(yield strength, tensile strength, and plasticity: 226 MPa, 316 MPa, and 22.4%, respectively).

4. Discussion

The inhomogeneity in the alloy grain structure with the master alloy MA2 (manifested by a large
scatter of the results, see Figure 7c) may be related to the average particle sizes in the master alloys
(Figure 1a,b). In the MA1 master alloy the size of most particles is 0.9 μm, while in the MA2 it is 2 μm,
that leads to a half decrease in the number of potential solidification centers if we assume that this size
should be around 1 μm. This effect is confirmed by introducing the MA3 master alloy into the AA5056
alloy, where the average particle size was 1 μm (Figure 5d), and a more homogenous microstructure
(see Figure 7c) was obtained as compared to the AA5056 US +MA2. A slightly better grain refinement
effect by the MA3 master alloy may also be due to a higher concentration of particles per 1 kg of
the alloy, which was 4.5 × 1020 compared to 4 × 1020 for the MA1 and MA2 master alloys (Table 2).
The number of large particles in MA3 was 3.69 × 1020 compared with 3.44 × 1020 for MA2. The data
obtained indicate that titanium diboride microparticles contained in the master alloys allowed the
grain refinement of the AA5056 aluminum alloy.

The contribution to an increase of mechanical characteristics of the alloy with the master alloy
additions may be due to the alloy grain size reduction (the Hall–Petch law) according to Equation (1).

σGR = ky

(
D− 1

2 −D
1
2
0

)
, (1)

where ky is the Hall-Petch parameter (68 MPa), D is the grain size with a master alloy, D0 is the grain
size without a master alloy. These contributions can be estimated as 9.6–9.7 for the tested MA additions.
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An additional contribution to an increase in mechanical properties is made by hardening the
metal matrix of the AA5056 aluminum alloy with titanium diboride nanoparticles (0.1 μm) by the
Orowan mechanism.

Titanium diboride nanoparticles can also provide load redistribution in the matrix, whose
contribution according to Equation (2) is 8.4 MPa.

σload = 0.5Vpσm, (2)

where Vp is the volume content of particles, σm is the matrix yield strength.
The simultaneous increase in the yield strength, strength, and plasticity can be associated with the

load redistribution in the matrix due to the introduction and distribution of nanoparticles, as previously
suggested in [16,25].

Lower mechanical characteristics of the deformed alloys with titanium diboride particles in relation
to the base AA5056 US alloy without particles can be associated with a decrease in the contribution
according to the Hall-Petch law, since the deformation treatment allows one to significantly refine
grains of aluminum alloys [9,26]. To determine the effect of particles on the mechanical properties and
exclude the internal stresses in the matrix, annealing of the aluminum alloy samples obtained was
performed. After annealing, there was a decrease in the mechanical properties of the aluminum alloys
with the MA1 and MA2 master alloys (4 × 1020). The lower characteristics of the alloy with MA2 can be
associated with a smaller amount of titanium diboride nanoparticles about 14 vol.% сompared with the
MA1 master alloy of 17 vol.%. A larger number of titanium diboride particles (4.5 × 1020) in the MA3
master alloy did not reduce the mechanical characteristics of the alloy, providing additional dispersion
hardening. A lower amount of titanium diboride nanoparticles did not, apparently, allow one to
sufficiently strengthen the aluminum matrix after pass rolling with majority of particles redistributed
to the grain boundaries (Figure 10a).

Figure 10. Microstructure of the AA5056 +MA3 US alloy after pass rolling (a) and cast AA5056 +MA3
US (b), AA5056 US (c).
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According to optical microscopy data the cast AA5056 +MA3 US alloy (Figure 10b) demonstrates
separate agglomerates of particles, but their number was insignificant relative to the total area of the
surface studied. The deformation significantly increases the amount of titanium diboride particles
and agglomerates at grain boundaries of the AA5056 + MA3 US alloy due to the transfer of the
agglomerates and individual particles from the bulk volume of the grain to the boundaries. Apparently,
the selected number of deformation cycles was too large for treating an alloy with titanium diboride
particles of different sizes. During the deformation of the AA5056 +MA1 US and AA5056 +MA2 US
alloys, the number of cycles was five, therefore, an estimated number of 0.8 × 1020 particles of titanium
diboride might move to the grain boundary during each rolling pass. The uniformity of particle motion
from the volume to the grain boundary requires additional evaluation on alloys with an intermediate
number of cycles. For the given number of rolling passes, part of TiB2 particles in the AA5056 +MA3
US alloy can be preserved inside the grains, but those would end up at the grain boundaries as well
upon further deformation. It may be suggested that a reduction in the number of rolling cycles will
allow the particles to remain in grain volume, and the effect of grain refinement and reinforcement on
the mechanical properties of an AA5056 alloy can be retained after deformation.

5. Conclusions

It was found that the introduction of bi-modal sized titanium diboride particles (4–4.5 × 1020)
allows one to refine the grain structure of the cast aluminum alloy AA5056 from 205 to 158 μm,
thereby increasing its yield strength, tensile strength, and ductility from 57 to 71 MPa, from 155 to
201 MPa, and from 11.5% to 18.8%, respectively. The greatest effect of the structure refinement is
achieved by using alloys containing titanium diboride microparticles with a size of 1 μm. Nanoparticles
present in bi-modal master alloys provide for additional hardening. After deformation the amount of
titanium diboride nanoparticles is not enough for the dispersion hardening of the aluminum matrix
and increasing the yield strength, tensile strength, and ductility of the AA5056 alloy after pass rolling,
mostly due to their redistribution to grain boundaries. This effect can be controlled by the numbers of
rolling passes.

Author Contributions: Conceptualization, I.A.Z. and A.P.K.; methodology, D.E., A.A.K., S.C. and S.V.V.; software,
M.G.K.; A.P.K. and V.V.P.; resources, A.B.V. and D.E.; visualization, A.P.K. and A.A.K.; supervision, A.B.V. and D.E.

Funding: Russian Science Foundation: 17-13-01252; Council on grants of the President of the Russian Federation:
14.Y30.17.837-MK; EPSRC: EP/R011001/1, EP/R011044/1, EP/R011095/1; The Research and Researchers for Industry
(RRi) under the Thailand Research Fund (TRF).

Acknowledgments: The research was performed with the financial support of Grant of Russian Science Foundation
(Project No. 17-13-01252). Z.I.A. thank financial support of Presidential Grant MK-837.2017.8, contract number
14.Y30.17.837-MK in part of the work on the production of master alloys for aluminum alloys with TiB2 different
size distributions. D.E and S.C. thank financial support of EPSRC grant UltraMelt2 (EP/R011001/1, EP/R011044/1
and EP/R011095/1) and The Research and Researchers for Industry (RRi) under the Thailand Research Fund (TRF).

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Kawazoe, M.; Shibata, T.; Mukai, T.; Higashi, K. Elevated temperature mechanical properties of A 5056
Al-Mg alloy processed by equal-channel-angular-extrusion. Scr. Mater. 1997, 36, 699–705. [CrossRef]

2. Jones, R.H. The influence of hydrogen on the stress-corrosion cracking of low-strength Al-Mg alloys. JOM
2003, 55, 42–46. [CrossRef]

3. Lee, S.; Utsunomiya, A.; Akamatsu, H.; Neishi, K.; Furukawa, M.; Horita, Z.; Langdon, T.G. Influence of
scandium and zirconium on grain stability and superplastic ductilities in ultrafine-grained Al–Mg alloys.
Acta Mater. 2002, 50, 553–564. [CrossRef]

4. Filatov, Y.A.; Yelagin, V.I.; Zakharov, V.V. New Al–Mg–Sc alloys. Mater. Sci. Eng. A 2000, 280, 97–101.
[CrossRef]

5. Ahmad, Z. The properties and application of scandium-reinforced aluminum. JOM 2003, 55, 35–39. [CrossRef]

162



Metals 2019, 9, 1030

6. Yan, S.J.; Dai, S.L.; Zhang, X.Y.; Yang, C.; Hong, Q.H.; Chen, J.Z.; Lin, Z.M. Investigating aluminum alloy
reinforced by graphene nanoflakes. Mater. Sci. Eng. A 2014, 612, 440–444. [CrossRef]

7. Vorozhtsov, S.; Minkov, L.; Dammer, V.; Khrustalyov, A.; Zhukov, I.; Promakhov, V.; Vorozhtsov, A.;
Khmeleva, M. Ex situ introduction and distribution of nonmetallic particles in aluminum melt: Modeling
and experiment. JOM 2017, 69, 2653–2657. [CrossRef]

8. Li, B.; Zhang, Z.; Shen, Y.; Hu, W.; Luo, L. Dissimilar friction stir welding of Ti–6Al–4V alloy and aluminum
alloy employing a modified butt joint configuration: Influences of process variables on the weld interfaces
and tensile properties. Mater. Des. 2014, 53, 838–848. [CrossRef]

9. Zhukov, I.; Promakhov, V.; Vorozhtsov, S.; Kozulin, A.; Khrustalyov, A.; Vorozhtsov, A. Influence of Dispersion
Hardening and Severe Plastic Deformation on Structure, Strength and Ductility Behavior of an AA6082
Aluminum Alloy. JOM 2018, 70, 2731–2738. [CrossRef]

10. Fan, Z.; Wang, Y.; Zhang, Y.; Qin, T.; Zhou, X.R.; Thompson, G.E.; Pennycook, T.; Hashimoto, T. Grain refining
mechanism in the Al/Al–Ti–B system. Acta Mater. 2015, 84, 292–304. [CrossRef]

11. Kotadia, H.R.; Qian, M.; Eskin, D.G.; Das, A. On the microstructural refinement in commercial purity Al and
Al-10 wt % Cu alloy under ultrasonication during solidification. Mater. Des. 2017, 132, 266–274. [CrossRef]

12. Li, Y.; Bai, Q.L.; Liu, J.C.; Li, H.X.; Du, Q.; Zhang, J.S.; Zhuang, L.Z. The influences of grain size and
morphology on the hot tearing susceptibility, contraction, and load behaviors of AA7050 alloy inoculated
with Al-5Ti-1B master alloy. Metal. Mater. Trans. A 2016, 47, 4024–4037. [CrossRef]

13. Mahamani, A.; Jayasree, A.; Mounika, K.; Reddi, K.; Sakthivelan, N. Evaluation of mechanical properties
of AA6061-TiB2/ZrB2 in-situ metal matrix composites fabricated by K2TiF6-KBF4-K2ZrF6 reaction system.
Int. J. Microstruct. Mater. Prop. 2015, 10, 185–200.

14. Greer, A.L.; Bunn, A.M.; Tronche, A.; Evans, P.V.; Bristow, D.J. Modelling of inoculation of metallic melts:
Application to grain refinement of aluminium by Al–Ti–B. Acta Mater. 2000, 48, 2823–2835. [CrossRef]

15. Ezatpour, H.R.; Torabi Parizi, M.; Sajjadi, S.A.; Ebrahimi, G.R.; Chaichi, A. Microstructure, mechanical analysis
and optimal selection of 7075 aluminum alloy based composite reinforced with alumina nanoparticles.
Mater. Chem. Phys. 2016, 178, 119–127. [CrossRef]

16. Vorozhtsov, S.A.; Eskin, D.G.; Tamayo, J.; Vorozhtsov, A.B.; Promakhov, V.V.; Averin, A.A.; Khrustalyov, A.P.
The application of external fields to the manufacturing of novel dense composite master alloys and
aluminum-based nanocomposites. Metal. Mater. Trans. A 2015, 46, 2870–2875. [CrossRef]

17. Mousavian, R.T.; Khosroshahi, R.A.; Yazdani, S.; Brabazon, D.; Boostani, A.F. Fabrication of aluminum matrix
composites reinforced with nano-to micrometer-sized SiC particles. Mater. Des. 2016, 89, 58–70. [CrossRef]

18. Liu, H.; Gao, Y.; Qi, L.; Wang, Y.; Nie, J.F. Phase-field simulation of Orowan strengthening by coherent
precipitate plates in an aluminum alloy. Metal. Mater. Trans. A 2015, 46, 3287–3301. [CrossRef]

19. Eskin, D.G.; Al-Helal, K.; Tzanakis, I. Application of a plate sonotrode to ultrasonic degassing of aluminum
melt: Acoustic measurements and feasibility study. J. Mater. Proc. Technol. 2015, 222, 148–154. [CrossRef]

20. Xuan, Y.; Nastac, L. The role of ultrasonic cavitation in refining the microstructure of aluminum based
nanocomposites during the solidification process. Ultrasonics 2018, 83, 94–102. [CrossRef]

21. Gao, Q.; Wu, S.; Lü, S.; Xiong, X.; Du, R.; An, P. Improvement of particles distribution of in-situ 5 vol % TiB2
particulates reinforced Al-4.5 Cu alloy matrix composites with ultrasonic vibration treatment. J. Alloys Compd.
2017, 692, 1–9. [CrossRef]

22. Promakhov, V.V.; Khmeleva, M.G.; Zhukov, I.A.; Platov, V.V.; Khrustalyov, A.P.; Vorozhtsov, A.B. The Impact
of Particle Reinforcement with Al2O3, TiB2, and TiC and Severe Plastic Deformation Treatment on the
Combination of Strength and Electrical Conductivity of Pure Aluminum. Metals 2019, 65, 9.

23. Zhukov, I.A.; Ziatdinov, M.K.; Vorozhtsov, A.B.; Zhukov, A.S.; Vorozhtsov, S.A.; Promakhov, V.V. Self-propagating
high-temperature synthesis of Al and Ti borides. Rus. Phys. J. 2016, 59, 1324–1326. [CrossRef]

24. Zhukov, I.A.; Promakhov, V.V.; Matveev, A.E.; Platov, V.V.; Khrustalev, A.P.; Dubkova, Y.A.; Vorozhtsov, S.A.;
Potekaev, A.I. Principles of Structure and Phase Composition Formation in Composite Master Alloys of the
Al–Ti–B4C Systems Used for Aluminum Alloy Modification. Rus. Phys. J. 2018, 60, 2025–2031. [CrossRef]

163



Metals 2019, 9, 1030

25. Belov, N.A. Effect of eutectic phases on the fracture behavior of high-strength castable aluminum alloys.
Met. Sci. Heat Treat. 1995, 37, 237–242. [CrossRef]

26. Sun, N.; Apelian, D. Friction stir processing of aluminum cast alloys for high performance applications. JOM
2011, 63, 44–50. [CrossRef]

© 2019 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

164



metals

Review

A Review of Friction Stir Processing of Structural
Metallic Materials: Process, Properties, and Methods

Anna P. Zykova 1,*, Sergei Yu. Tarasov 1,2, Andrey V. Chumaevskiy 1 and Evgeniy A. Kolubaev 1

1 Institute of Strength Physics and Materials Science, Siberian Branch of Russian Academy of Sciences,
634055 Tomsk, Russia; tsy@ispms.ru (S.Y.T.); tch7av@gmail.com (A.V.C.); eak@ispms.ru (E.A.K.)

2 Division for Materials Science, National Research Tomsk Polytechnic University; 634050 Tomsk, Russia
* Correspondence: zykovaap@mail.ru; Tel.: +7-(3822)28-68-63

Received: 22 May 2020; Accepted: 4 June 2020; Published: 9 June 2020

Abstract: Friction stir processing (FSP) has attracted much attention in the last decade and contributed
significantly to the creation of functionally graded materials with both gradient structure and gradient
mechanical properties. Subsurface gradient structures are formed in FSPed metallic materials due to
ultrafine grained structure formation, surface modification and hardening with various reinforcing
particles, fabrication of hybrid and in situ surfaces. This paper is a review of the latest achievements
in FSP of non-ferrous metal alloys (aluminum, copper, titanium, and magnesium alloys). It describes
the general formation mechanisms of subsurface gradient structures in metal alloys processed by
FSP under various conditions. A summary of experimental data is given for the microstructure,
mechanical, and tribological properties of non-ferrous metal alloys.

Keywords: friction stir processing; aluminum alloys; copper alloys; titanium alloys; magnesium
alloys; subsurface gradient structures; surface modification; hardening with reinforcing particles;
hybrid in situ surfaces

1. Introduction

Structural metal alloys have a long history of industrial applications and are still of great practical
relevance for the manufacture of multifunctional products, components, and structures. These are
aircraft fuselage and wing components, fuel and cryo tanks, rocket bodies, engine mounts, wheel
disks, automobiles, aluminum bridges and pipelines, heat exchangers, air conditioners in construction
engineering, railway car bodies, frames and bases of underground trains, and many others. The main
feature of such components and structures is their long-term performance capabilities under given
loads, which is largely determined by the choice of a suitable alloy to provide the desired properties.
Along with the chemical composition of the alloy, the mechanical properties and performance of
structures are also governed by an appropriately selected high-quality method of processing.

It is well known that the strength of metal parts can be improved by reinforcing them with alloying
elements, metal fibers, or powders of various size and chemical composition [1–16]. This topic has
been extensively studied since the 1980s. Over the past decade, much attention has been given to
methods for the formation of subsurface gradient structures in metallic materials, such as plasma
spraying [17–20], cold spraying [21–23], laser melting [24–26], ion implantation [27–32], and others.
Unfortunately, the listed methods for the bulk and surface processing of metallic materials have many
drawbacks, e.g., agglomeration of additive particles and their nonuniform distribution both in the bulk
and on the surface of the alloy, formation of unwanted phases and interfacial reactions due to high
processing temperatures, formation of numerous defects in ion implanted surface layers or formation
of amorphous layers at high radiation doses, the need for thermal treatment or other additional
processing methods, sophisticated processing equipment, low processing efficiency, and so on.
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Metals 2020, 10, 772

Friction stir processing technology is a good alternative to overcome the disadvantages mentioned
above, because it is performed at temperatures below the melting temperature of base alloys [33–35].
This method is relatively new and is based on the physical principles of friction stir welding (FSW) [33].
Unlike FSW intended for joining together dissimilar solid materials, friction stir processing locally
modifies the alloy microstructure to achieve the desired specific properties. It has clear advantages
over other surface treatment methods for metallic materials:

(1) FSP is a solid-state, one-stage processing technique that provides grain refinement, strengthening,
and structural homogeneity without changing the shape and size of the processed metallic
material [33];

(2) the microstructure and mechanical properties of the processed parts can be easily controlled by
varying the process parameters [33,35,36];

(3) the method is both environmentally friendly and energy efficient. FSP has greatly evolved over
recent decades and have found many practical and scientific applications [33].

The growth of interest in FSP according to the Scopus database began in 2001 and continues
to the present. In 2011–2015, the studies were mostly devoted to the surface processing of various
metals and alloys. Since 2009 there has been increasing interest in the fabrication of particle-reinforced
metal matrix composites, hybrid composites, and in situ composites on the basis of metals and alloys.
Currently, the metallic materials produced by different FSP techniques can be conditionally classified
into several main groups:

• materials with a subsurface gradient structure obtained through the formation of equiaxed
nanograins and structural homogenization [37–57];

• materials with a compositional subsurface gradient structure formed by modifying and hardening
the material surface with various reinforcements [32,58–77];

• in situ and hybrid composites [71,78–91].

The aim of this work is to review the latest progress in friction stir processing of non-ferrous metal
alloys (aluminum, copper, titanium, magnesium alloys) in accordance with the proposed classification.
We will discuss the mechanisms used in FSP for the formation of subsurface gradient structures under
various conditions. Particular experimental results will be summarized to show the relationship
between the FSP parameters and the resulting microstructure/mechanical properties.

2. Friction Stir Processing

2.1. Principles and Processes

The friction stir processing method evolved from the friction stir welding technology and involves
similar processes and principles [92,93]. The friction-heated and plasticized metal is subjected to severe
plastic deformation by stirring, which results in obtaining a homogeneous recrystallized fine-grained
microstructure. The principle diagram of the FSP/FSW process is shown in Figure 1. The base metal
(matrix) is mechanically stirred using a non-consumable rotating tool with a pin (Figure 1a). The tool
rotates at a high rate and then is plunged into the workpiece under axial force until the tool shoulder
contacts the workpiece surface. Then the tool is advanced over the workpiece along the processing
direction. Friction between the tool and the workpiece produces a large amount of heat. As the
temperature rises due to frictional heat, the base metal softens in the processing zone and undergoes
severe plastic deformation while being entrained by the rotating and traversing pin. This is the basic
principle of modifying metallic materials by FSP, resulting in the formation of a subsurface gradient
structure in the material via grain refinement and microstructural homogenization. Some friction stir
welding or processing techniques involve additional processes, e.g., application of ultrasound to the
welding/processing zone (Figure 1c) [94] or multi-pass processing to harden the entire surface area
(Figure 1b) [42].
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(a) 

 
(b) 

 
(c) 

Figure 1. Schematic diagram of the FSP process: (a) multi-pass FSP process (b) (reproduced from [42],
with permission from Springer, 2019) and FSW process with ultrasound assistance (c) (reproduced
from [94], with permission from Springer, 2017).

2.2. FSP Process Parameters

The main FSP parameters are the tool rotation rate, traverse speed, tool tilt angle, pass time,
tool geometry and size, and axial force on the tool.

The temperature in the processing zone during FSP ranges from 0.6 Tm to 0.9 Tm (where Tm is the
metal melting temperature), and the strain rate is 1–10−3 s−1. Together, they cause pronounced thermal
effect, plastic deformation, and material stirring [36]. The most important parameters affecting the
microstructure and mechanical properties of the processed material are the tool rotation rate, traverse
speed, and axial force. By varying these parameters, FSP can be performed with different heat input
conditions and material plastic flow regimes.

FSP allows healing the metal defects such as porosity, cracks, etc. and modifies the alloy
microstructure by crushing large matrix grains, second phase particles, and dendrites in cast alloys.
Similarly, FSP may crush and dissolve agglomerates of reinforcing particles introduced into metal
matrix composites. In both cases, second phase or reinforcing particles are homogenized or uniformly
distributed in the metal matrix. The structural homogenization and elimination of defects becomes
more pronounced with either increasing rotational rate or decreasing traverse speed due to higher
heat release, effective metal viscosity, and more intense flow of the plasticized material. At a lower
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rotational rate but higher traverse speed, the generated heat contributes to the grain refinement
and corresponding metal strengthening [45,51]. A higher rotational rate but lower traverse speed
lead, to less pin travel per revolution, producing larger amounts of heat, possibly resulting in grain
coarsening and hardness deterioration [33,36,95]. A long-term thermal effect on the material can
be favorable for in situ reactions because of the formation of larger amounts of hardening phases
uniformly distributed in the matrix [86,96–99].

The microstructure and mechanical properties of metal alloys can also be modified by increasing
the tool pass time, changing the tool rotation direction between the passes, or using multi-pass FSP;
however, the results vary for different materials [42,44,45,47,93,100–104]. Multi-pass FSP is widely
used to fabricate composites with a more homogeneous phase distribution than in single-pass FSPed
materials as well as with more efficient in situ reactions during processing [78,86,87,105]. Multi-pass
FSP is also used to obtain materials with a large processing area by making closely spaced tracks;
the overlapping zone between two adjacent tracks exhibits a complex structure [42].

The tool size and the pin shape strongly influence the heat production and material flow during
FSP [40,41,92,93]. At the very beginning of tool plunging, heating occurs mainly due to friction between
the pin and the workpiece. Some additional heating results from material deformation. The tool is
plunged into the workpiece until the shoulder contacts its surface. According to the studies on the
role of pin geometry in heat generation at the plunge stage, the effective pin area has a direct effect on
friction-induced deformation and heat production. This suggests that circular pins produce the lowest
temperature during plunging [93]. The effect of the tool size and geometry on the microstructure and
properties of materials is studied in detail in Refs. [36,40,41,92,93,106–108].

2.3. Microstructure in FSP

Microstructural changes in FSPed materials are caused by thermomechanical effects. As in the
case of FSW, the FSP area has a stir zone (SZ), a thermomechanically affected zone (TMAZ), a heat
affected zone (HAZ), and a base metal zone (BM) (Figure 2) [36,41,92]. The stir zone has a typical onion
ring structure formed when layers of plasticized material flow in the direction from the advancing
to the retreating side of the tool. The stir zone material is strongly heated in FSP due to friction
and severe plastic deformation, leading to a dynamically recrystallized microstructure. That is why
the stir zone consists mainly of uniform refined equiaxed grains much finer than those in the base
metal [42]. The structure of these grains is in most cases characterized by a high proportion of
high-angle boundaries [37,48,49,54,89,109,110]. FSP parameters such as the tool geometry, workpiece
temperature, and axial pressure significantly affect the size of recrystallized grains in the stir zone.

Figure 2. A typical macroimage of different microstructural zones in a FSWed material (reproduced
from [94], with permission from Springer, 2017).

3. FSP Applications for Different Materials

3.1. FSP of Structural Alloys

Mechanical characteristics of crystalline structural materials are largely dependent on defects
(porosity, shrinkage, cracks, etc.) and the coarse-grained structure of cast material. It is known that the
strength of an alloy is enhanced by decreasing the grain size, according to the Hall-Petch equation [111].
To turn a coarse-grained alloy into a fine-grained crystalline material, the alloy can be subjected to
severe plastic deformation in order to produce a high density of dislocations and then to rearrange
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these dislocations to form a grain boundary array. In friction stir processing of structural alloys, the
material is heated up due to friction and severe plastic deformation, and as a result the stir zone is
dynamically recrystallized. Givi and Asadi [112] proposed three types of dynamic recrystallization
mechanism during FSP: (1) intermittent dynamic recrystallization occurring during the nucleation and
growth of new grains; (2) continuous dynamic recrystallization involving the formation of low-angle
boundary arrays and a gradual increase in boundary misorientation under hot deformation, which
finally leads to the nucleation of new grains; and (3) geometric dynamic recrystallization resulting from
collision with serrated grain boundaries formed when grains are highly elongated due to severe hot
deformation. Thus, FSP forms a subsurface gradient structure with fine equiaxed recrystallized grains
of uniform size, due to which the alloy strength and hardness increase. According to the literature data,
FSP was applied to aluminum [37–44], copper [46,48–50,107,110], titanium [51–55,113], magnesium
alloys [56,57], steels [114–119] and high-entropy alloys [120–125]. The FSP efficiency depends on the
tool rotation rate, traverse speed and the number of passes, and is determined for each type of alloy
differently. It was shown below for light structural alloys basing on Al, Cu, Ti, Mg.

3.2. FSP of Aluminum Alloys

A review of experimental studies shows that single-pass FSP with low tool rotation rates may
reduce the average grain size in aluminum alloys by 85–96%. Figure 3 illustrates a typical macro- and
microstructure of aluminum alloys before and after FSP.

Figure 3. Macro- and microstructure of single-pass FSPed 6063 aluminum alloy (reproduced from [39],
with permission from Elsevier, 2019).

By way of example, Table 1 gives the experimental data for FSPed aluminum alloys, showing the
effect of FSP on the grain structure and strength of the alloys. The choice of parameters such as the
number of FSP passes, tool rotation rate, and traverse speed depends on the aluminum alloy grade
and leads to ambiguous results.

A study of single- and multi-pass FSPed A356 aluminum alloy [37] revealed that an increase
in the number of passes leads to porosity elimination, refinement of primary silicon particles (from
188 to 2.5–1.6 μm) and α-Al grains (up to 0.4–0.51 μm), as well as to higher hardness. The α-Al
grains demonstrate mainly high-angle boundaries and various stages of recovered substructures
and dislocation densities. The first FSP pass may produce subgrains and low-angle boundaries by
migration of dislocations. During the second and third passes, the formed second phase particles
impede the grain boundary migration and thereby limit the recrystallization front, leading to the
formation of submicron grains [37]. After six passes, second phase particles are coarsened and cannot
provide a sufficient Zener pinning-type effect. That is why no noticeable refinement of subgrains was
observed compared to other passes [37]. Similar results were obtained in Ref. [38] (Table 1).

169



Metals 2020, 10, 772

T
a

b
le

1
.

Ex
pe

ri
m

en
ta

ld
at

a
on

FS
P

of
al

um
in

um
al

lo
ys

.

M
a
te

ri
a
l

T
o

o
l

R
o

ta
ti

o
n

R
a
te

,
rp

m
T

ra
v

e
rs

e
S

p
e
e
d

,
m

m
/m

in
N

u
m

b
e
r

o
f

P
a
ss

e
s

A
v

e
ra

g
e

g
ra

in
si

z
e

o
f

th
e

B
a
se

A
ll

o
y
/A

v
e
ra

g
e

G
ra

in
S

iz
e

a
ft

e
r

F
S

P,
μ

m
M

e
ch

a
n

ic
a
l

P
ro

p
e
rt

ie
s

R
e
f.

N
o

.

A
35

6
35

0
16

1 2 3 6

-/
0.

74
-/

0.
58

-/
0.

45
-/

0.
51

M
H

:6
8

H
V

M
H

:9
2

H
V

M
H

:1
13

H
V

M
H

:1
33

H
V

[3
7]

A
l-

12
Si

14
00

28
1

25
/-

M
H

:↑
20

.9
%

U
T

S:
↑1

5.
1%

El
on

g.
:↑

3.
7

ti
m

es

[3
8]

A
l5

05
2

11
20

80
1

24
3/

16
.5

M
H

:↑
13

.3
%

[5
9]

A
A

50
05

-H
34

49
0

97
0

12
00

12
7

1
-/

10
.7

-/
18

.5

-/
20

.4

M
H

:4
2.

6
H

V
U

T
S:

13
5.

3
M

Pa
El

on
g.

:3
4.

4%
M

H
:3

8.
9

H
V

U
T

S:
11

8.
7

M
Pa

El
on

g.
:3

7.
3%

M
H

:3
7.

9
H

V
U

T
S:

11
9.

3
M

Pa
El

on
g.

:4
1.

4%

[4
0]

60
63

30
0

1 2

13
4/

5.
3

13
4/

8.
6

U
T

S:
↓6

%
El

on
g.

:↓
42

%
U

T
S:
↓2

1%
El

on
g.

:↓
40

%
[3

9]

50
0

1 2

13
4/

5.
5

13
4/

9.
6

U
T

S:
no

ch
an

ge
El

on
g.

:↓
28

%
U

T
S:
↓1

0%
El

on
g.

:↓
29

%
70

0
1 2

13
4/

7.
5

13
4/

9.
7

U
T

S:
↑1

5%
El

on
g.

:↓
36

%
U

T
S:
↑5

%
El

on
g.

:↓
36

%
10

00
1

13
4/

8
-

12
00

1
13

4/
7.

8
-

170



Metals 2020, 10, 772

T
a

b
le

1
.

C
on

t.

M
a
te

ri
a
l

T
o

o
l

R
o

ta
ti

o
n

R
a
te

,
rp

m
T

ra
v

e
rs

e
S

p
e
e
d

,
m

m
/m

in
N

u
m

b
e
r

o
f

P
a
ss

e
s

A
v

e
ra

g
e

g
ra

in
si

z
e

o
f

th
e

B
a
se

A
ll

o
y
/A

v
e
ra

g
e

G
ra

in
S

iz
e

a
ft

e
r

F
S

P,
μ

m
M

e
ch

a
n

ic
a
l

P
ro

p
e
rt

ie
s

R
e
f.

N
o

.

50
86

10
25

30 80 15
0

1
48
/7

48
/1

0.
5

48
/3

.8

M
H

:↑
8.

6%
U

T
S:
↑3

.8
%

El
on

g.
:↑

30
.7

%
M

H
:↑

8.
6%

U
T

S:
↑9

.6
%

El
on

g.
:↑

23
%

M
H

:↑
10

%
U

T
S:
↑1

.9
%

El
on

g.
:↑

19
.2

%

[4
3]

30 80 15
0

12
(i

nt
er

m
it

te
nt

)
48
/8

48
/1

3.
5

48
/4

M
H

:↑
6.

9%
U

T
S:
↑5

.7
%

El
on

g.
:↑

40
.3

%
M

H
:↑

5.
7%

U
T

S:
↓1

9.
2%

El
on

g.
:↑

19
.2

%
M

H
:↑

5.
6%

U
T

S:
↓3

.8
%

El
on

g.
:↑

15
.3

%
30 80 15

0

12
(c

on
ti

nu
ou

s)
48
/1

0.
5

48
/1

5

48
/6

M
H

:↓
4.

3%
U

T
S:
↑1

.9
%

El
on

g.
:↑

32
.7

%
M

H
:↑

1.
4%

U
T

S:
↓3

0.
8%

El
on

g.
:↑

3.
8%

M
H

:↑
4.

3%
U

T
S:

no
ch

an
ge

El
on

g.
:↑

7.
6%

A
A

10
50

16
00

20
1

42
.8

5/
10

.5
8

M
H

:↑
47

.6
%

C
F:
↓1

3.
8%

[6
2]

171



Metals 2020, 10, 772

A higher tool rotation rate may serve to increase the mean grain size and reduce the strength.
Zhao et al. [39] who studied the influence of the tool rotation rate ranging from 300 to 1200 rpm
and showed a 16–26-fold reduction in the mean grain size in the stir zones of single- and multi-pass
FSPed 6063 aluminum alloy. As the tool rotation rate increased from 300 to 1200 rpm, the grain size
increased from ~5 to ~8 μm and from ~8.5 to ~9.7 μm after one and two passes, respectively [39].
However, despite the significant grain refinement after FSP, some mechanical properties deteriorated
in comparison with those of the base alloy (Table 1). This is explained by the fact that the base
material contains a high density of needle-shaped precipitates, the amount of which decreases after
FSP, or the precipitates undergo strain-induced dissolution at high temperature during processing.
The reduced density of needle-shaped fine precipitates in the stir zone is the reason for its lower
mechanical properties than those of the base material. Similar results were reported in Ref. [40].
Another study by Ramesh et al. [43] performed on 5086 aluminum alloy subjected to discontinuous
and continuous single- and twelve-pass FSP at a constant rotation rate of 1025 rpm but varying traverse
speed (30–150 mm/min) revealed a growth of the mean grain size and a corresponding decrease in
strength. It was shown that the best structure and properties of the alloy are achieved in single-
and multi-pass FSP with the traverse speed of 30 mm/min. With further increasing traverse speed,
the average grain size first increases and then decreases, the ductility is enhanced, and the strength of
5086 alloy is reduced (Table 1).

3.3. FSP of Copper Alloys

Pure copper is widely used in optical and electronic applications owing to its high electrical
conductivity, thermal conductivity, and corrosion resistance. High purity copper alloys have low
strength and wear resistance; therefore they are not popular in applications that require high strength
properties. FSPed copper alloys (Cu 99.9%) demonstrate high ductility (up to δ = 70%) and relatively
high strength (up to σB = 330 MPa), because their average grain size is reduced by about 51–99%
when varying FSP parameters and performing additional passes [46–49,110]. The effect of FSP on pure
copper was investigated using various tool pin geometries (plain cylindrical, threaded cylindrical,
triflute, triangle, square, and hexagonal) [107,126] with fixed rotational rate and traverse speed to
provide low heat input. The tool with the threaded cylindrical pin profile was found to be more
effective in bringing about the desired mechanical modification of pure copper than other pin profiles
used under low heat input conditions [107].

A typical macro- and microstructure of FSPed copper alloy is presented in Figure 4. As one can
see, the macrostructure of the processed area exhibits the typical zones described in Section 2.3. Table 2
lists the properties of copper alloy samples, indicating the presence of fine equiaxed grains with a large
fraction of high-angle boundaries which contribute to higher strength of copper alloys.

Figure 4. Optical images of single-pass FSPed copper alloy (reproduced from [47], with permission
from Elsevier, 2011) (a) macrostructure; (b) base material; (c) nugget regions of specimens processed at
50 and (d) 250 mm/min.
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Analysis of experimental data shows that FSP of copper alloys (Cu 99.9%) is efficient under
low heat input conditions, and the efficiency increases with increasing traverse speed. For example,
Surekha and Els-Botes [47] synthesized a high strength and high-conductivity copper using FSP with
low heat input by varying the traverse speed from 50 to 250 mm/min (Figure 4) at a constant rotational
rate of 300 rpm. By increasing the traverse speed from 50 to 250 mm/min, they refined the grains in the
stir zone from 9 to 3 μm and simultaneously increased the hardness from 102 to 114 HV [47]. The grain
refinement achieved at a constant rotational rate but increased traverse speed led to the improvement of
mechanical characteristics, according to the Hall–Petch relationship [47]. Similar results were obtained
in Refs. [50,110]. Barmouz et al. [45] investigated single-pass FSP on a pure copper plate by applying
the traverse speeds of 40 and 315 mm/min while keeping the tool rotation rate at 630 rpm. FSP at higher
traverse speed resulted in higher strength as demonstrated in Table 2. Four-pass FSPed specimens of
the same material had an ultrafine-grained structure with a mean grain size of up to 800 nm [45].

Using higher tool rotation rate during copper alloy processing may cause the formation of
both ultrafine and nano-sized grains with high-angle boundaries [48,49,110], as well as consequent
improvement of the tensile strength [110]. Cartigueyen et al. [49] studied the effect of the FSP heat
release on the mechanical properties of FSPed copper. The results showed that the temperatures
reached during FSP strongly affected the microstructure and properties of the processed copper. It was
found that the peak temperatures for the characteristic FSP zones range between 320 ◦C and 445 ◦C
(about 0.3–0.42 Tm), indicating the achievement of low heat input conditions. The peak temperatures
were higher on the advancing side of the FSP track as compared to those in the middle of the stir
zone and on the retreating side. A fine and homogeneous grain structure was produced with various
FSP tool rotation rates (Table 2). The authors observed the formation of a tunnel defect at 250 rpm,
which was caused by insufficient heat input and significantly impaired the mechanical properties of the
processed metal. The hardness of the FSPed copper was strongly dependent on the tool rotation rate
(Table 2). The minimum rotational rate for performing efficient FSP under low heat input conditions
was found to be equal to 350 rpm [49].

3.4. FSP of Titanium Alloys

Titanium and its alloys are widely used in aerospace, chemical, and biomedical industries due
to high specific strength, corrosion resistance, and good biocompatibility. Biomedical and aerospace
applications often require only surface hardening of titanium alloy products, while retaining its
original structure and composition in the bulk. Since the surface layer hardness determines the
wear resistance, surface hardening is performed to improve the surface of soft pure titanium. FSP
can be used to increase the sliding wear resistance and surface hardness of alloys by changing the
surface microstructural characteristics such as grain refinement and strain hardening [51–54]. However,
the issue of wear resistance is too complex and cannot be reduced only to increasing the hardness.
As far as nanostructured metals are concerned, there is no unambiguous opinion on whether their wear
resistance is higher or lower as compared to that of coarse-grained ones. Many nanostructured metals
and alloys lose their ductility and therefore become prone to subsurface fracture during sliding friction.
Also, the abundance of grain boundaries adds to a higher amount of dangling bonds and therefore,
a higher probability of adhesion bonding to the counter body. Zhang et al. [54] produced an ultrafine
microstructure in FSPed Ti-6Al-4V alloy, which consisted of α grains (~0.51 μm) and a small amount of
β-phase with a high fraction of high-angle grain boundaries (89.3%). Mironov et al. [52] found that
the stress state in FSPed pure titanium is close to simple shear, where the shear plane resembles a
truncated cone with a diameter close to the tool shoulder diameter in the upper part of the stir zone
and close to the pin diameter in its lower part. The authors [52] demonstrated that the material flow
arises mainly from the prism slip and leads to a pronounced P-fiber {hkil}

〈
1120
〉

shear texture in the
stir zone. The texture evolution governs the development of deformation-induced grain boundaries in
this zone. The macro- and microstructure of pure Ti after single-pass FSP is shown in Figure 5 [51].
Table 3 gives the experimental data on the properties of FSPed titanium alloys.
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Figure 5. Macrostructure of single-pass FSPed titanium (reproduced from [51], with permission from
Elsevier, 2019): (a) region processed at 180 rpm; (b) EBSD map of pure titanium sheet; EBSD maps of
the specimen cross sections processed at 180 rpm (c) and 270 rpm (d).

Table 3. Experimental data on FSP of titanium alloys.

Material
Tool

Rotation
Rate, rpm

Traverse
Speed,

mm/min

Number of
Passes

Average Grain Size
of the Base

Alloy/Average Grain
Size after FSP, μm

Mechanical
Properties

Ref. No.

α-Ti (99.6%) 180 25 1 33.1/5.8
MH: ↑ 27%
YS: ↑ 71.7%
UTS: ↑ 35.1%

[51]

α-Ti (99.85%)
250
300
350

75 1 42/7 MH: ↑ 18.4%
UTS: 382–384 MPa

[53]

Ti-6Al-4V 120 30 1 -/0.51 - [54]

Ti grade 2 1400 14

1

2

3

- MH: ↑ 15%
FC: ↓ 31%
MH: ↑ 34.6%
FC: ↓ 66%
MH: ↑ 55.4%
FC: ↓ 88.8%

[55]

Efficient FSP of pure titanium can be performed at both high (> 250 rpm) [53,55] and low tool
rotation rates (< 250 rpm) [43]. At 180 rpm, the grain size in the stir zone decreases by 82% (from 33.1
to 5.8 μm), the microhardness increases by 27%, and the yield strength increases by 71.7% [51].

A study of the multi-pass FSP effect on the assessment of the microstructure and wear resistance
of pure titanium showed that higher wear resistance and microhardness of specimens after 3 passes
correlate with a smaller grain size [55] (Table 3).

3.5. FSP of Magnesium Alloys

The attractive properties of magnesium and its alloys include reduced weight, electromagnetic
shielding, high specific strength, and so on. However, the alloys have limited formability, especially at
ambient temperature, which significantly limits their industrial application. It is believed that grain
refinement and texture weakening are effective ways to improve the ductility of magnesium. This can
be achieved by FSP that can change the alloy microstructure and thus significantly increase its ductility
without the tensile strength loss [127–129]. Typical macro- and microstructures of a magnesium alloy
before and after FSP are shown in Figure 6. The experimental data on friction stir processing of
particle-reinforced structural magnesium alloys are analyzed in Table 4.

176



Metals 2020, 10, 772

T
a

b
le

4
.

Ex
pe

ri
m

en
ta

ld
at

a
on

FS
P

of
m

ag
ne

si
um

al
lo

ys
.

M
a

te
ri

a
l

T
o

o
l

R
o

ta
ti

o
n

R
a

te
,

rp
m

T
ra

v
e

rs
e

S
p

e
e

d
,

m
m
/m

in
N

u
m

b
e

r
o

f
P

a
ss

e
s

A
v

e
ra

g
e

G
ra

in
S

iz
e

o
f

th
e

B
a

se
A

ll
o

y
/A

v
e

ra
g

e
G

ra
in

S
iz

e
a

ft
e

r
F

S
P,
μ

m
M

e
ch

a
n

ic
a

l
P

ro
p

e
rt

ie
s

R
e

f.
N

o
.

A
l-

C
u-

M
g

45
0

-
1

13
7
×2

2.
2/

9.
1
×6

.4
M

H
:↑

15
%

U
TS

:↑
9%

[5
6]

A
Z

31
20

0
50

1
-/

-
U

TS
:↑

4%
El

on
g.

:↑
9.

5%
[1

29
]

M
g-

6Z
n-

1Y
-0

.5
Z

r
80

0
20

1
-/

3.
20

U
TS

:↑
32

.6
%

El
on

g.
:↑

14
6.

7%
[1

28
]

80
1

-/
2.

37
U

TS
:↑

37
.7

%
El

on
g.

:↑
18

3.
4%

20
0

1
-/

1.
65

U
TS

:↑
53

%
El

on
g.

:↑
15

1.
4%

A
Z

31
40

0
50

1
16

–3
00
/6

.6
–3

.5
M

H
:↑

22
.2

%
U

TS
:↑

2
ti

m
es

El
on

g.
:↑

1.
5

ti
m

es

[1
27

]

A
Z

31

60
0

60
0

60
0

80
0

80
0

80
0

20 30 40 20 30 40

1
-/

-
M

H
:↑

17
.8

%
M

H
:↑

24
.3

%
M

H
:↑

38
%

M
H

:↑
44

.6
%

M
H

:↑
48

.7
%

M
H

:↑
53

.7
%

[1
13

]

A
Z

61
10

00
37

2
75
/0

.0
4–

0.
2

M
H

:↑
3

ti
m

es
[1

30
]

A
Z

80
37

5
11

8
1

(i
n

ai
r)

-/
7.

1
M

H
:6

9.
4

H
V

[1
31

]
1

(u
nd

er
w

at
er

)
-/

2.
7

M
H

:7
5.

3
H

V

A
E4

2
95

0
75

1
81
/7

.4
M

H
:↓

19
.1

%
U

TS
:↑

22
.9

%
El

on
g.

:↑
2.

7
ti

m
es

[1
32

]

Q
E2

2
80

0
10

0
1

38
/0

.8
8

U
TS

:↓
13

.5
%

El
on

g.
:↑

3
ti

m
es

[1
33

]
80

0
60

0
10

0
10

0
1 2

38
/0

.6
3

U
TS

:↓
1.

9%
El

on
g.

:↑
3.

4
ti

m
es

80
0

60
0

10
0

10
0

1 2
38
/2

.3
0

U
TS

:↓
30

.7
%

El
on

g.
:↑

1.
7

ti
m

es

177



Metals 2020, 10, 772

 
Figure 6. Macro- and microstructure of single-pass FSPed AZ31 alloy (reproduced from [129],
with permission from Elsevier, 2019): (a) specimen macrostructure in the region processed at 200 rpm;
(b) base alloy microstructure; (c) stir zone microstructure (2).

According to Wang et al. [128], FSP of a Mg-6Zn-1Y-0.5Zr casting resulted in dissolution and
dispersion of the intergranular eutectic I-phase (Mg3Zn6Y). Hot deformation by FSP led to I→W
(Mg3Zn3Y2) phase transformation. An increase in the traverse speed caused significant grain refinement
and the formation of a large fraction of fine particles, which greatly improved the yield strength
(93.1%), tensile strength (53.0%), and relative elongation (151.4%) in comparison with those of the cast
material [128].

A change in the phase composition after FSP was also observed in the cast alloy AE42 [132].
The β-Mg17Al12 and Al11RE3 phases dissolved after single-pass FSP, with the formation of a new
Al2RE phase. The factors affecting the strength of the cast magnesium alloy AE42 were found to be
secondary phases (most influential), texture, and grain size [132].

As reported by Du and Wu [130] for AZ61 Mg alloy, a nano-grained structure can be produced by
double-pass FSP under the condition of rapid heat removal by means of using an additional liquid
nitrogen cooling system. The proposed processing technique allows reducing the mean grain size to
<100 nm, thus increasing the alloy microhardness to 155 HV. The authors described the nanostructure
evolution process as follows: (1) in the first FSP pass, submicron-sized grains are formed in the
processed sheet by continuous dynamic recrystallization; (2) in the second pass, numerous nuclei are
formed by discontinuous dynamic recrystallization due to the presence of submicron-sized grains,
subgrains, and a high density of dislocation walls; (3) the growth of recrystallized grains is limited
by effective liquid nitrogen cooling. Similar effects of remarkable grain structure refinement and
improvement of mechanical properties by the above scenario are described in Refs. [128,132,133].

4. Friction Stir Processing of Particle-Reinforced Structural Alloys

The last decade showed a growing interest in friction stir processing of particle-reinforced metallic
materials. Such materials are referred to in the literature as metal matrix composites [59,60,63,71],
composite materials [58,61,66], hybrid composites [69,73–75], and others. This processing method
is used for fabricating surface composite coatings with an average thickness from 50 to 600 μm on
the basis of aluminum, copper, titanium, and magnesium alloys. The reinforcing additives for the
surface composites can be in the form of powder, fibers, or platelets, which are most commonly filled
into especially milled grooves [59,61,63–65,69,73,78,80,81,86,93] or drilled holes [69,73–75] (Figure 7).
A typical subsurface macro- and microstructure of the stir zone with introduced particles is shown in
Figure 8.
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(a) 

 
(b) 

Figure 7. Schematic of the FSP process with the addition of reinforcements filled (a) into holes in the
substrate and (b) into a groove.

Figure 8. Microstructure of Al2024 (reproduced from [65], with permission from Elsevier, 2010):
(a) microstructure of the base Al2024; (b) cross-sectional microstructure with Al2O3 particles after
single-pass FSP; (c) interfacial microstructure with Al2O3 particles.

Hard fine-grained particles can be admixed to the substrate during FSP by the following mechanism.
The heat generated by the friction of the tool shoulder and the pin plasticizes the metal matrix around
and under the tool. Its rotational and translational motion entrains the plasticized metal matrix
material from the advancing side to the retreating side. The flow of the matrix material breaks the
grooves (or holes) and admixes the compacted particles to the plasticized metal matrix material.
The tool rotation rate and traverse speed determine the stirring intensity and provide the formation
of a composite. Analysis of experimental data shows that all types of reinforcing particles can be
stirred with the plasticized metal matrix to form a composite. This fact is clearly demonstrated by
Dinaharan et al. [71] who synthesized copper matrix composite layers reinforced with various ceramic
particles. The authors showed that the type of ceramic particles does not affect the particle distribution
pattern in the composite. Neither the density gradient nor the wettability of ceramic particles by the
copper matrix lead to a nonuniform particle distribution. It is also noted that merging of the material
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flows caused separately by the tool shoulder and the pin leads to the formation of layers with a high
and low volume fraction of ceramic particles due to the temperature gradient along the depth of the
plate. The tool penetration depth is not equal to the total plate thickness in FSP. The absence of “onion
rings” indicates that the temperature gradient along the pin penetration depth is negligible [71].

Severe plastic deformation and dynamic recrystallization during FSP result in a fine equiaxed
grain microstructure in the stir zone, in which reinforcing particles are located both inside the grains
and at the grain boundaries [61,63,71,76]. When introducing reinforcement particles into the matrix
by FSP, no interfacial reactions were observed; there is a distinct boundary between the matrix and
the introduced particles, e.g., as shown in Figure 9 for AA6063 alloy FSPed with the addition of
vanadium particles [63]. The composite image in Figure 9 demonstrates a sharp boundary between the
vanadium particles and the aluminum matrix. In Figure 9b, there are no reaction layers that would
show contrast other than those of the matrix and the particle. This is confirmed by the EDX line scan
(see inset in Figure 9b) indicating a sharp change in EDX counts in the narrow transition zone at the
particle-matrix interface.

 
Figure 9. Microstructure of FSPed AA6063 with 12 vol. % V content at magnification: (a) 500× and
(b) 2000× (the insert shows the EDX line scan along the particle interface) (reproduced from [63],
with permission from Elsevier, 2019).

However, as noted in Refs. [59,62,64], the single-pass FSPed particle-reinforced alloy surface
layers exhibit heterogeneous grain structure, nonuniform particle distribution and tensile properties.
Multi-pass FSP allows producing a composite with more homogeneous particle distribution and grain
structure, and with better tensile strength (Table 5) [59,62,64,68,70,72]. The mechanical and performance
characteristics of composite metallic materials are also greatly affected by the content/volume fraction of
the particles introduced. As shown for cast aluminum alloy A356 with a dendritic structure and a small
number of pores [61], its processing with the addition of different volume fractions of Ti3AlC2 causes
considerable elimination of coarse needle-like silicon particles and large primary aluminum dendrites,
and produces a uniform distribution of fine Si and Ti3AlC2 particles in the matrix. A356 and Ti3AlC2 do
not react during FSP, because the process time and temperature are too low to initiate mechanochemical
or diffusion-controlled phase transformations. After FSP and an increase in the Ti3AlC2 particle
volume fraction from 2.5 vol. % to 7 vol. %, tensile tests revealed a 2-fold increase in microhardness
and mechanical properties (Table 5) [61]. A 3-fold improvement of the mechanical characteristics
with increasing volume fraction of reinforcement particles during FSP was observed in Refs. [68,76].
Surface composites with different volume fractions of reinforcing particles (25 vol. % B4C-75 vol. %
TiB2, 50 vol. % B4C-50 vol. % TiB2, and 75 vol. % B4C-25 vol. % TiB2) were synthesized by FSP in
AA7005 alloy by Pol et al. [70]. They found that the hardness of the base alloy and Al7005-25 vol. %
TiB2-75 vol. % B4C composite were 90 HV and 150 HV, respectively. The microhardness of surface
composites with different volume fractions of the introduced particles were almost the same, which
might be due to the same powder particle sizes. The synthesized surface composites of aluminum
alloys demonstrated better ballistic resistance. The penetration depth of a steel projectile into the

180



Metals 2020, 10, 772

base alloy and composites 25 vol. % B4C-75 vol. % TiB2, 50 vol. % B4C-50 vol. % TiB2, and 75 vol. %
B4C-25 vol. % TiB2 was 37 mm, 26 mm, 24 mm, and 20 mm, respectively, which is explained by the
presence of hard reinforcing ceramic particles in the surface composite and by a hard core of the
matrix [70].

Of particular interest are carbon materials (graphene, SWCNTs, MWCNTs, fibers, etc.) as
high strength (30 GPa) reinforcement agents [67,68,134,135] for next-generation automotive and
aerospace materials. S. Zhang et al. [68] demonstrated the microstructure and mechanical properties of
nanocomposites are closely related to the energy input. In the cited work, different energy inputs led
to different dispersion of CNTs in a CNTs/Al nanocomposite. Better CNT dispersion and higher tensile
strength of a CNTs/Al nanocomposite was obtained at higher energy input (Table 5). The highest energy
input led to a 53.8% higher maximum tensile strength of the nanocomposite than that of unreinforced
aluminum. Moreover, nanocomposites showed a good improvement of ductility from 25% to 33% [68].

For an AA6061-graphene-TiB2 hybrid nanocomposite synthesized by Nazari et al. [69], it was
shown that the simultaneous addition of graphene and TiB2 particles during FSP led to a significant
grain structure refinement in the stir zone; the average grain size was reduced to < 1 μm. Both graphene
and TiB2 particles retained their structure while being high-speed stirred into the aluminum alloy
matrix. The hardness of the aluminum alloy increased to ~102 HV, mainly at the cost of TiB2 particles
introduced together with graphene with an optimal hybrid ratio of 1 wt. % graphene-20 wt. % TiB2 [69].
With the same ratio of components, the processed hybrid nanocomposites demonstrated the best
combination of tensile properties, namely three times higher yield strength and ~70% higher ultimate
tensile strength (Table 5) [69].

There are also experiments on the fabrication and single-/multi-pass FSP of cast metal matrix
composites [75,108,136]. The FSPed cast metal matrix composites exhibit a gradient structure
represented by the bulk-reinforced matrix and the FSP-hardened surface layers. Arokiasamy and
Ronald [75] described the process of stir casting a magnesium-based hybrid composite at the melting
temperature of 700 ◦C with the introduction of SiC and Al2O3. It was shown that additional FSP of
the cast composite increases its microhardness by 17.5%. Single-pass FSP led to a considerable grain
refinement in the cast magnesium composite (Table 5). Microstructural studies revealed uniform
distribution of SiC and Al2O3 particles both in the bulk of the material and in the stir zone [75].

Hardening of composite aluminum alloy surfaces by FSP is performed using fine powders of
the following chemical composition: Al6061-SiO2 [58], Al-Al2O3 [64,65], AA6016-(Al2O3 + AlN) [91],
CaCO3 [66], Al-SiC [59,137–139], Al-Ti3AlC2 [61], Al-TiO2 [62], Al-B4C-TiB2 [70], Al-NbC [76], Al-V [63],
Al-graphene/carbon SWCNTs/MWCNTs [67,68,134,135], and Al-TiB2 [69]. The following compositions
are used to synthesize copper alloy matrix composites by FSP: Cu-SiC [71], Cu-B4C [71], Cu-TiC [71],
Cu-Al2O3 [71], Cu-TiO2 [72], and Cu-AlN-BN [73]. Titanium alloy matrix composites are fabricated
by FSP using SiC [140] and Al2O3 [141]. The most frequently synthesized magnesium metal matrix
composites are AZ31B-MWCNT-graphene [74], Mg-NiTi [77] and Mg-SiC-Al2O3 [75]. An analysis of
the experimental data on FSP of structural alloys with the addition of various reinforcing particles is
presented in Table 5.
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FSP of structural alloys allows the formation of gradient composite structures with the hardness
increased by 13–80%, tensile strength by 2.5–75%, compressive strength by 70%, and wear resistance
by 14–26% compared to the base metal (Table 5). As can be seen from Table 5, the tensile ductility
values of many particle-reinforced structural alloys are lower than those of the base metals. The tensile
characteristics depend on many microstructural factors such as the interaction between the base metal
matrix and reinforcing particles, the particle size distribution in the processed area, and the dislocation
density. The main reason for the deteriorated tensile strength of simply processed and reinforced
materials as compared to the base metals is the residual stresses induced by the enormous heat release
in FSP [74]. In addition, the presence of hard reinforcing particles inside the grains and at the grain
boundaries causes high stress concentrations in zones with harder particles prone to crack initiation
and growth, as a result of which the material ductility is reduced [74]. An analysis of Table 5 also shows
increased hardness for all FSPed particle-reinforced structural alloys, despite some cases when both
ductility and tensile strength are reduced. In most experimental studies, the hardness enhancement
is attributed to grain refinement and the presence of fine reinforcing particles in accordance to the
Hall-Petch and Orowan mechanisms, respectively [68,72,138,142]. In addition, as a result of increasing
dispersion of reinforcement particles the distance between them is reduced and therefore the free run
length of dislocations is restricted. The restriction of dislocation motion also contributes to higher
microhardness of surface composites.

5. Friction Stir Processing of Structural Alloys for Fabricating In Situ Hybrid Surfaces

Of greatest interest in the last decade is the fabrication of hybrid composites by in situ
reactions during FSP. The given FSP technique provides almost complete mixing of the introduced
powder with the plasticized substrate metal due to a complex quasi-viscous material flow at
temperatures below the melting point. The in situ hybrid composite FSP method has several
advantages over other FSP methods used for composite fabrication: (1) more thermodynamically
stable matrix reinforcement [143], (2) coherent/semi-coherent bonding at the particle/matrix interfaces
(Figure 10) [60,79,136], and (3) formation of finer reinforcing particles uniformly distributed in the
matrix [82]. The interfacial characteristics, including the interfacial bonding structure, intermediate
phase formation, and thermal expansion difference, are also fundamental and depend on the chemical
composition of both the introduced particles and the matrix. The complexity of interfacial reactions
affects the adhesion between particles and the matrix, which has an additional effect on the mechanical
properties of in situ hybrid composites. The high strain rate and friction during FSP produce a large
amount of heat, the material temperature rises, resulting in a higher diffusion rate and shorter diffusion
distances. All these factors accelerate the in situ exothermic reactions between the metal matrix atoms
and the introduced particles. Since the reactions are exothermic, there is additional heat release that
also contributes to the temperature rise and reaction acceleration. High strains and temperatures
reached during FSP cause fragmentation and dissolution of the reinforcing particles, which leads to
further precipitation of smaller intermetallic particles and their more uniform distribution in the matrix.
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Figure 10. Coherent and semi-coherent interfaces between the matrix and reinforcing particles:
(a) TEM-BF images of FSPed A356 reinforced with graphene nanoplatelets (GNP) showing the interface
between the matrix and encapsulated GNP flakes (reproduced from [136], with permission from
Elsevier, 2020); (b) HRTEM micrograph of the particle/matrix interface in the six-pass FSPed composite
(reproduced from [79], with permission from Elsevier,2019); (c) HRTEM micrographs of the stir zone
containing bare SiC reinforcement (reproduced from [60], with permission from authors, 2018).

As noted by Zhang et al. [143], the heat release of the metal/metal oxide reaction is much higher
than that of the metal/transition metal reaction. Therefore, a reaction with enhanced formation kinetics
is expected for the metal/metal oxide system. Moreover, the formation of nano-sized reaction products
with coherent or semi-coherent interfaces can improve the mechanical properties. Experimental studies
showed that in situ hybrid composites can be fabricated by FSP using the systems Al-CeO2 [96],
Al-TiO2 [143], Al +Mg + CuO [98], and Al-Al13Fe4-Al2O3 [82]. In many oxide/aluminum substitution
reactions, the reduced metal can exothermically react with Al to form an intermetallic compound, due to
which the system temperature rises [82]. As was shown for an aluminum-based in situ composite
synthesized from an Al-Mg-CuO powder mixture by FSP, the use of the Mg/metal oxide substitution
reaction instead of the Al/metal oxide one has a positive effect on the synthesized aluminum-based
in situ nanocomposites [98]. The nano-sized MgO and Al2Cu particle-reinforced composite exhibits
an excellent Young’s modulus (88 GPa) and yield strength (350 MPa in tension and 436 MPa in
compression) [98].

In the work by Azimi-Roeen et al. [82], pre-milled powder mixture (Al13Fe4 + Al2O3) was
introduced into the stir zone formed in a 1050 aluminum alloy sheet by FSP. The homogeneous and
active mixture reacted with plasticized aluminum to form Al13Fe4 + Al2O3 particles. The intermetallic
Al13Fe4 was represented by elliptical particles of ~100 nm in size, and nano-sized Al2O3 precipitated in
the form of flocculated particles with the remnants of iron oxide particles. With increasing milling time
(1–3 h) of the introduced powder mixture, the volume fraction of Al13Fe4 + Al2O3 increased in the
fabricated composite. The hardness and tensile strength of the nanocomposites varied from 54.5 HV to
75 HV and from 139 MPa to 159 MPa, respectively (Table 6) [82].
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In the case of an incoherent bonding interface between particles and the metal matrix, the surface
characteristics of the particles can be modified by additional processing, e.g., by plating. Huang and
Aoh [60] performed electroless plating to deposit a copper coating on the surface of SiC ceramic
particles to change their surface characteristics. The preliminary processing of the particles provided
interphase coherence through the formation of Al2Cu and Al4Cu9 intermetallic compounds at the
interphase boundary. Double-pass FSP with the Cu-coated reinforcement increased the composite
hardness and ductility by about 20% (Figure 11, Table 6).

Figure 11. Micrographs of copper-coated SiC particles embedded in the matrix (a,b); Al-SiC/Cu
reinforcement with EPMA line scan across Cu-coated SiC and Al matrix showing Al and Cu distribution
(c) (reproduced from [60], with permission from authors, 2018).

The FSP method is also used to fabricate in situ metal matrix composites of the compositions
Al-Al2Cu [60], Al-Al3Ti [78], Al-Al13Fe4 [82], Al-Al3Ni [79,84,85] with the formation of intermetallic
phases. Such composites are mainly synthesized using powder mixtures subjected to pre-processing
and special preparation. For an FSPed A413 alloy reinforced by Ni powder, Golmohammadi et al. [88]
observed the destruction of needle-like Si particles and in situ formation of uniformly distributed
intermetallic Al3Ni particles. An increase in the number of FSP passes led to less agglomeration, finer
and more uniform dispersion of reinforcing particles, as well as to an increase in the intermetallic
phase length. The authors showed that the wear resistance of the Al-Al3Ni composite is higher by
approximately a factor of 2 than that of the base alloy (Table 6) [84].

Experiments showed that the addition of carbon-based solid lubricating particles (graphene
particles and platelets, nanotubes, fibers, etc.) together with hard particles improves the tribological
behavior of in situ composites under sliding wear conditions [69,80,87]. Dixit et al. [144] synthesized
new multi-layer graphene-reinforced aluminum composites by exfoliating cheap graphite into
graphene using friction stir alloying, and observed a twofold increase in strength. This method
opened up new possibilities for the efficient and scalable production of graphene-based metal matrix
nanocomposites [144].

Experimental studies were performed for FSPed in situ composites on the basis of aluminum alloys:
Al7075-Ti-6Al-4V [78], Al1050-Ni-Ti-C [79], Al-SiC [60,80], Al6061-fly ash [81,90], Al1050-Fe2O3-Al [82],
Al-1050-Cu [83], Al-Ni [84,85], Al-Nb [86], Al-graphene [69,80,87]; copper alloys: Cu-fly ash [81];
titanium alloys: Ti-6Al-4V-B4C [81], Ti-hydroxyapatite powder [89]; magnesium alloys: AZ31-fly
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ash [81]. A review of the experimental data on FSP of in situ hybrid composite materials is given in
Table 6.

6. Conclusions

This paper summarizes the latest progress in the study of friction stir processing of aluminum,
copper, titanium, and magnesium alloys. Severe plastic deformation and thermal effects during FSP
cause the destruction of large dendrites and second phase particles, grain refinement in the matrix,
elimination of porosity, as well as the formation of a homogeneous fine-grained structure. It was
shown that FSP can be applied to fabricate metallic materials:

(1) with a subsurface gradient structure obtained through the formation of equiaxed nanograins and
structural homogenization;

(2) with a compositional subsurface gradient structure formed by modifying and hardening the
material surface with reinforcing particles;

(3) in situ composites.

FSP of structural alloys proves to be the most energy efficient, environmentally friendly, and
versatile method that allows local controlled modification of the subsurface microstructure in the
processed structural materials.

However, the literature contains a wide scatter of experimental results on the properties of FSPed
metallic materials, indicating the necessity of further research in this relevant area. A reason for the
large data scatter can be the physical nature of the friction stir process based on the phenomenon of
adhesion friction, which is of highly inhomogeneous nature as compared to lubricated friction. In view
of the frictional inhomogeneity, it is possible to fabricate materials with markedly different properties
by using slightly different FSP tool geometries at the same processing parameters. Despite the presence
of unresolved issues concerning the FSP of structural alloys, the given method shows much promise
for commercial applications.
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Nomenclature

FSP friction stir processing
FSW friction stir welding
MH microhardness
UTS ultimate tensile strength
Elong elongation
WT wear testing
CR corrosion resistance
IT impact toughness
SWCNTs single-walled carbon nanotubes
MWCNT multi-walled carbon nanotubes
CNTs carbon nanotubes
CS compressive strength
HRTEM high resolution transmission electron microscopy
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35. Węglowski, M.S. Friction stir processing – State of the art. Arch. Civ. Mech. Eng. 2018, 18, 114–129. [CrossRef]
36. Padhy, G.K.; Wu, C.S.; Gao, S. Friction stir based welding and processing technologies - processes, parameters,

microstructures and applications: A review. J. Mater. Sci. Technol. 2018, 34, 1–38. [CrossRef]
37. Rao, A.G.; Ravi, K.R.; Ramakrishnarao, B.; Deshmukh, V.P.; Sharma, A.; Prabhu, N.; Kashyap, B.P.

Recrystallization Phenomena During Friction Stir Processing of Hypereutectic Aluminum-Silicon Alloy.
Metall. Mater. Trans. A 2013, 44, 1519–1529. [CrossRef]

38. Sun, H.; Yang, S.; Jin, D. Improvement of Microstructure, Mechanical Properties and Corrosion Resistance of
Cast Al–12Si Alloy by Friction Stir Processing. Trans. Indian Inst. Met. 2018, 71, 985–991. [CrossRef]

39. Zhao, H.; Pan, Q.; Qin, Q.; Wu, Y.; Su, X. Effect of the processing parameters of friction stir processing on
the microstructure and mechanical properties of 6063 aluminum alloy. Mater. Sci. Eng. A 2019, 751, 70–79.
[CrossRef]

40. Abrahams, R.; Mikhail, J.; Fasihi, P. Effect of friction stir process parameters on the mechanical properties of
5005-H34 and 7075-T651 aluminium alloys. Mater. Sci. Eng. A 2019, 751, 363–373. [CrossRef]

41. Kalashnikov, K.N.; Vorontsov, A.V.; Kalashnikova, T.A.; Chumaevskii, A.V. Changes in the structure and
properties of aluminum alloys during friction stir processing by different types of tools. AIP Conf. Proc. 2018,
2053, 40038. [CrossRef]

42. Kalashnikov, K.N.; Tarasov, S.Y.; Chumaevskii, A.V.; Fortuna, S.V.; Eliseev, A.A.; Ivanov, A.N. Towards aging
in a multipass friction stir–processed AA2024. Int. J. Adv. Manuf. Technol. 2019, 103, 2121–2132. [CrossRef]

43. Ramesh, K.N.; Pradeep, S.; Pancholi, V. Multipass Friction-Stir Processing and its Effect on Mechanical
Properties of Aluminum Alloy 5086. Metall. Mater. Trans. A 2012, 43, 4311–4319. [CrossRef]

198



Metals 2020, 10, 772

44. Senthilkumar, R.; Prakash, M.; Arun, N.; Jeyakumar, A.A. The effect of the number of passes in friction
stir processing of aluminum alloy (AA6082) and its failure analysis. Appl. Surf. Sci. 2019, 491, 420–431.
[CrossRef]

45. Barmouz, M.; Givi, M.K.B.; Seyfi, J. On the role of processing parameters in producing Cu/SiC metal matrix
composites via friction stir processing: Investigating microstructure, microhardness, wear and tensile
behavior. Mater. Charact. 2011, 62, 108–117. [CrossRef]

46. Cartigueyen, S.; Mahadevan, K. Role of Friction Stir Processing on Copper and Copper based Particle
Reinforced Composites—A Review. J. Mater. Sci. Surf. Eng. 2015, 2, 133–145.

47. Surekha, K.; Els-Botes, A. Development of high strength, high conductivity copper by friction stir processing.
Mater. Des. 2011, 32, 911–916. [CrossRef]

48. Wang, Y.; Fu, R.; Jing, L.; Li, Y.; Sang, D. Grain refinement and nanostructure formation in pure copper
during cryogenic friction stir processing. Mater. Sci. Eng. A 2017, 703, 470–476. [CrossRef]

49. Cartigueyen, S.; Mahadevan, K. Influence of rotational speed on the formation of friction stir processed zone
in pure copper at low-heat input conditions. J. Manuf. Process. 2015, 18, 124–130. [CrossRef]

50. Bheekya Naik, R.; Venkateswara Reddy, K.; Madhusudhan Reddy, G.; Arockia Kumar, R. Development of
High-Strength and High-Electrical Conductivity Cu–Zr Alloy Through Friction Stir Processing. Trans. Indian
Inst. Met. 2019, 72, 1431–1435. [CrossRef]

51. Jiang, L.; Huang, W.; Liu, C.; Chai, L.; Yang, X.; Xu, Q. Microstructure, texture evolution and mechanical
properties of pure Ti by friction stir processing with slow rotation speed. Mater. Charact. 2019, 148, 1–8.
[CrossRef]

52. Mironov, S.; Sato, Y.S.; Kokawa, H. Development of grain structure during friction stir welding of pure
titanium. Acta Mater. 2009, 57, 4519–4528. [CrossRef]

53. Liu, F.C.; Liao, J.; Gao, Y.; Nakata, K. Influence of texture on strain localization in stir zone of friction stir
welded titanium. J. Alloys Compd. 2015, 626, 304–308. [CrossRef]

54. Zhang, W.; Ding, H.; Cai, M.; Yang, W.; Li, J. Ultra-grain refinement and enhanced low-temperature
superplasticity in a friction stir-processed Ti-6Al-4V alloy. Mater. Sci. Eng. A 2018, 727, 90–96. [CrossRef]

55. Vakili-Azghandi, M.; Roknian, M.; Szpunar, J.A.; Mousavizade, S.M. Surface modification of pure titanium
via friction stir processing: Microstructure evolution and dry sliding wear performance. J. Alloys Compd.
2020, 816, 152557. [CrossRef]

56. Kalashnikov, K.N.; Kalashnikova, T.A.; Chumaevskii, A.V.; Tarasov, S.Y.; Rubtsov, V.E.; Ivanov, A.N.;
Kolubaev, E.A. High-strength friction stir processed dispersion hardened Al-Cu-Mg alloy. AIP Conf. Proc.
2017, 1909, 1–5. [CrossRef]

57. Kalashnikov, K.N.; Kalashnikova, T.A.; Chumaevskii, A.V.; Ivanov, A.N.; Tarasov, S.Y.; Rubtsov, V.E.;
Kolubaev, E.A. Friction-stir processed ultrafine grain high-strength Al-Mg alloy material. AIP Conf. Proc.
2017, 1909, 1–6. [CrossRef]

58. Barati, M.; Abbasi, M.; Abedini, M. The effects of friction stir processing and friction stir vibration processing
on mechanical, wear and corrosion characteristics of Al6061/SiO2 surface composite. J. Manuf. Process. 2019,
45, 491–497. [CrossRef]

59. Dolatkhah, A.; Golbabaei, P.; Givi, M.K.B.; Molaiekiya, F. Investigating effects of process parameters on
microstructural and mechanical properties of Al5052/SiC metal matrix composite fabricated via friction stir
processing. Mater. Des. 2012, 37, 458–464. [CrossRef]

60. Huang, C.W.; Aoh, J.N. Friction stir processing of copper-coated SiC particulate-reinforced aluminum matrix
composite. Materials 2018, 11, 599. [CrossRef]

61. Manochehrian, A.; Heidarpour, A.; Mazaheri, Y.; Ghasemi, S. On the surface reinforcing of A356 aluminum
alloy by nanolayered Ti3AlC2 MAX phase via friction stir processing. Surf. Coat. Technol. 2019, 377, 124884.
[CrossRef]

62. Jain, V.K.S.; Varghese, J.; Muthukumaran, S. Effect of First and Second Passes on Microstructure and Wear
Properties of Titanium Dioxide-Reinforced Aluminum Surface Composite via Friction Stir Processing. Arab.
J. Sci. Eng. 2019, 44, 949–957. [CrossRef]

199



Metals 2020, 10, 772

63. Abraham, S.J.; Dinaharan, I.; Selvam, J.D.R.; Akinlabi, E.T. Microstructural characterization of vanadium
particles reinforced AA6063 aluminum matrix composites via friction stir processing with improved tensile
strength and appreciable ductility. Compos. Commun. 2019, 12, 54–58. [CrossRef]

64. Bourkhani, R.D.; Eivani, A.R.; Nateghi, H.R. Through-thickness inhomogeneity in microstructure and
tensile properties and tribological performance of friction stir processed AA1050-Al2O3 nanocomposite.
Compos. Part B Eng. 2019, 174, 107061. [CrossRef]

65. Zahmatkesh, B.; Enayati, M.H. A novel approach for development of surface nanocomposite by friction stir
processing. Mater. Sci. Eng. A 2010, 527, 6734–6740. [CrossRef]

66. Prabhu, M.S.; Perumal, A.E.; Arulvel, S.; Issac, R.F. Friction and wear measurements of friction stir processed
aluminium alloy 6082/CaCO3 composite. Measurement 2019, 142, 10–20. [CrossRef]

67. Deore, H.A.; Mishra, J.; Rao, A.G.; Mehtani, H.; Hiwarkar, V.D. Effect of filler material and post process
ageing treatment on microstructure, mechanical properties and wear behaviour of friction stir processed AA
7075 surface composites. Surf. Coat. Technol. 2019, 374, 52–64. [CrossRef]

68. Zhang, S.; Chen, G.; Wei, J.; Liu, Y.; Xie, R.; Liu, Q.; Zeng, S.; Zhang, G.; Shi, Q. Effects of energy input
during friction stir processing on microstructures and mechanical properties of aluminum/carbon nanotubes
nanocomposites. J. Alloys Compd. 2019, 798, 523–530. [CrossRef]

69. Nazari, M.; Eskandari, H.; Khodabakhshi, F. Production and characterization of an advanced
AA6061-Graphene-TiB2 hybrid surface nanocomposite by multi-pass friction stir processing.
Surf. Coat. Technol. 2019, 377, 124914. [CrossRef]

70. Pol, N.; Verma, G.; Pandey, R.P.; Shanmugasundaram, T. Fabrication of AA7005/TiB2-B4C surface composite
by friction stir processing: Evaluation of ballistic behaviour. Def. Technol. 2019, 15, 363–368. [CrossRef]

71. Dinaharan, I.; Sathiskumar, R.; Murugan, N. Effect of ceramic particulate type on microstructure and
properties of copper matrix composites synthesized by friction stir processing. J. Mater. Res. Technol. 2016,
5, 302–316. [CrossRef]

72. Heidarpour, A.; Mazaheri, Y.; Roknian, M.; Ghasemi, S. Development of Cu-TiO2 surface nanocomposite by
friction stir processing: Effect of pass number on microstructure, mechanical properties, tribological and
corrosion behavior. J. Alloys Compd. 2019, 783, 886–897. [CrossRef]

73. Thankachan, T.; Prakash, K.S.; Kavimani, V. Investigating the effects of hybrid reinforcement particles on the
microstructural, mechanical and tribological properties of friction stir processed copper surface composites.
Compos. Part B Eng. 2019, 174, 107057. [CrossRef]

74. Sharma, S.; Handa, A.; Singh, S.S.; Verma, D. Influence of tool rotation speeds on mechanical and
morphological properties of friction stir processed nano hybrid composite of MWCNT-Graphene-AZ31
magnesium. J. Magnes. Alloy. 2019, 7, 487–500. [CrossRef]

75. Arokiasamy, S.; Ronald, B.A. Enhanced properties of Magnesium based metal matrix composites via Friction
Stir Processing. Mater. Today Proc. 2018, 5, 6934–6939. [CrossRef]

76. Satish Kumar, T.; Suganya Priyadharshini, G.; Shalini, S.; Krishna Kumar, K.; Subramanian, R. Characterization
of NbC-Reinforced AA7075 Alloy Composites Produced Using Friction Stir Processing. Trans. Indian Inst. Met.
2019, 72, 1593–1596. [CrossRef]

77. Gangil, N.; Nagar, H.; Kumar, R.; Singh, D. Shape memory alloy reinforced magnesium matrix composite
fabricated via friction stir processing. Mater. Today Proc. 2020. [CrossRef]

78. Adetunla, A.; Akinlabi, E. Fabrication of Aluminum Matrix Composites for Automotive Industry Via
Multipass Friction Stir Processing Technique. Int. J. Automot. Technol. 2019, 20, 1079–1088. [CrossRef]

79. Fotoohi, H.; Lotfi, B.; Sadeghian, Z.; Byeon, J. Microstructural characterization and properties of in situ
Al-Al3Ni/TiC hybrid composite fabricated by friction stir processing using reactive powder. Mater. Charact.
2019, 149, 124–132. [CrossRef]

80. Alidokht, S.A.; Abdollah-zadeh, A.; Soleymani, S.; Assadi, H. Microstructure and tribological performance
of an aluminium alloy based hybrid composite produced by friction stir processing. Mater. Des. 2011,
32, 2727–2733. [CrossRef]

81. Dinaharan, I.; Akinlabi, E.T. Low cost metal matrix composites based on aluminum, magnesium and copper
reinforced with fly ash prepared using friction stir processing. Compos. Commun. 2018, 9, 22–26. [CrossRef]

200



Metals 2020, 10, 772

82. Azimi-Roeen, G.; Kashani-Bozorg, S.F.; Nosko, M.; Nagy, Š.; Matko, I. Correction to: Formation of Al/(Al13Fe4

+Al2O3) Nano-composites via Mechanical Alloying and Friction Stir Processing. J. Mater. Eng. Perform. 2018,
27, 6800. [CrossRef]

83. Mahmoud, E.R.I.; Al-qozaim, A.M.A. Fabrication of In-Situ Al–Cu Intermetallics on Aluminum Surface by
Friction Stir Processing. Arab. J. Sci. Eng. 2016, 41, 1757–1769. [CrossRef]

84. Golmohammadi, M.; Atapour, M.; Ashrafi, A. Fabrication and wear characterization of an A413/Ni surface
metal matrix composite fabricated via friction stir processing. Mater. Des. 2015, 85, 471–482. [CrossRef]

85. Qian, J.; Li, J.; Xiong, J.; Zhang, F.; Lin, X. In situ synthesizing Al3Ni for fabrication of intermetallic-reinforced
aluminum alloy composites by friction stir processing. Mater. Sci. Eng. A 2012, 550, 279–285. [CrossRef]

86. Zeidabadi, S.R.H.; Daneshmanesh, H. Fabrication and characterization of in-situ Al/Nb metal/intermetallic
surface composite by friction stir processing. Mater. Sci. Eng. A 2017, 702, 189–195. [CrossRef]

87. Khodabakhshi, F.; Arab, S.M.; Švec, P.; Gerlich, A.P. Fabrication of a new Al-Mg/graphene nanocomposite by
multi-pass friction-stir processing: Dispersion, microstructure, stability, and strengthening. Mater. Charact.
2017, 132, 92–107. [CrossRef]

88. Wang, T.; Gwalani, B.; Shukla, S.; Frank, M.; Mishra, R.S. Development of in situ composites via reactive
friction stir processing of Ti–B4C system. Compos. Part B Eng. 2019, 172, 54–60. [CrossRef]
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