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Abstract: This thesis aims to investigate the correlation between texture and
the activation of particular deformation mechanisms during the deformation of
a rolled magnesium alloy AZ31. A combination of advanced in-situ techniques,
providing complementary information about the processes within the material
during its deformation, was employed to achieve this goal.

The combination of neutron diffraction and acoustic emission measurements al-
lowed to investigate both rapid and continuous processes related to changes of
the material microstructure resulting from its deformation. The in-situ loading
of the sample inside the chamber of a scanning electron microscope, coupled with
the electron backscatter diffraction analysis, provided more direct observations
of the microstructural evolution. Furthermore, the high-speed camera imaging
of the deformed sample surface enabled a direct, real-time view of the occurring
rapid processes.

The results of the experiments confirmed the anisotropy of the mechanical be-
haviour of samples oriented diversely with respect to the experimentally detected
texture of the rolled metal sheet. Based on the complementary data obtained
from the various experimental techniques, this mechanical anisotropy was linked
to distinct differences in the preferred activation of individual deformation mech-
anisms. Moreover, significant inhomogeneities of the plastic deformation within
the samples were observed and discussed.
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Introduction
The increasing emphasis on fuel economy and limitation of environmentally harm-
ful emissions in recent years has lead to an increase in demand for lightweight
construction materials. Besides the low weight, other characteristics of these de-
sired materials, such as high specific strength (i.e., strength to density ratio),
good formability, corrosion resistance, low price, recyclability etc., play an im-
portant role in their potential adoption as well. Therefore, it is vital to examine
the plastic behaviour of such lightweight materials in order to gain an insight into
the relationship between various internal parameters and overall mechanical per-
formance. Only with sufficient understanding of these relations can a lightweight
construction material meeting all of the mentioned requirements (and many more)
be tailored.

The lightest of structural metals is magnesium, whose density of 1.74 g/cm3

at room temperature (RT) is about two thirds and one quarter of those of alu-
minium and steel, respectively, i.e. other widely used structural materials [1].
Apart from the lightweight character, magnesium and its alloys exhibit high spe-
cific strength, vibration damping capability, high thermal conductivity and good
castability. Therefore, magnesium-based materials are intensively researched for
weight-critical applications (e.g. in the automotive and aerospace industry). De-
spite the qualities mentioned above, its applications are still limited to specific
components such as gearbox housings, steering wheels and steering columns, seats
etc. [2].

The reason for its limited use is mainly the inherent anisotropy of its mechan-
ical properties and lack of readily activable deformation mechanisms at room
temperature, arising from its hexagonal close-packed (hcp) lattice and resulting
in poor formability and somewhat limited ductility. Apart from the complicated
deformation behaviour, there are several other drawbacks of magnesium and its
alloys limiting their application, such as low elastic modulus, high chemical reac-
tivity and limited corrosion resistance [2]. Some of these issues can, however (to
a certain degree) be suppressed by suitable alloying or mechanical processing of
the material leading to changes in its microstructure.

Magnesium materials having a strong texture (i.e., having a preferential ori-
entation of the crystallites) exhibit a significant anisotropy of the mechanical
properties inherited from the nature of the hcp lattice. This is the case of many
commercial semi-finished products, such as rolled sheets or extruded rods [3, 4].
Understanding the influence of texture on the mechanical properties of wrought
magnesium and its alloys is, therefore, a key to enhancing the mechanical perfor-
mance and thus enabling their wider practical application.

This work aimed to apply advanced in-situ methods, such as acoustic emission,
neutron diffraction or electron backscatter diffraction, to investigate the influence
of texture on the activity of various deformation mechanisms, determining the
mechanical behaviour of a commonly used rolled magnesium alloy.
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1. Theoretical background

1.1 Magnesium and its alloys
Magnesium (12Mg) is the second alkali earth metal. Due to its high reactivity,
pure elementary magnesium is not found in nature. On the other hand, as a
Mg2+ cation, it is widespread in the earth’s crust (mostly in minerals, such as
magnesite, dolomite or carnallite), being the 8th most common element there. It
is also ample in seawater as a dissolved mineral with the density of the Mg2+

roughly 1,1 kg/m−3 [1, 5].

Magnesium has a hcp crystal lattice (Fig. 1.1) with lattice parameters for pure
magnesium at 25 °C being a = 3.210 Å and c = 5.211 Å [6], giving it a c/a ratio of
≈ 1, 623, which is very close to the ideal (in terms of close packing, i.e. obtaining
maximally filled volume fraction) value of

√︂
8/3 ≈ 1, 633 for hcp structure [7].

The most densely packed plane in the hcp structure is the basal (0001) plane.
In the three dimensional lattice, the stacking of the hcp basal planes transpires
so that the centre points of atoms in the basal planes have only two alternating
positions in the stacking sequence (denoted A and B) so that the sequence can
be described as ABABAB.... [7].

Figure 1.1: Schematic representation of the hcp crystal lattice

Magnesium, being chemically active, tends to react with other metallic al-
loying elements leading to the formation of intermetallic compounds. The in-
termetallic phases (which are observed in most of the magnesium alloys) can
influence the microstructure, hence altering the properties of the alloy. The most
common effects of alloying, enhancing the mechanical properties, are solid solu-
tion and precipitation hardening [1, 8].

There exists a globally used system for the designation of magnesium alloys. In
this system, the letters indicate the dominant alloying elements and are followed
by numbers indicating the wt. % of the corresponding elements rounded to the
nearest whole number [9]. Using this designation system, the most common mag-
nesium alloys with increased specific strength compared to pure magnesium are
the AZ (wrought applications) and AM (die-casting applications) alloys, where
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the main alloying elements are aluminium (A), zinc (Z) and manganese (M) [10].
The material used in this thesis is part of the AZ alloy family; specifically, it is
the AZ31 alloy.

1.2 Plastic deformation of magnesium
There are two distinct types of deformation mechanisms, playing key roles in the
deformation of magnesium at room temperature – dislocation slip and deforma-
tion twinning [11].

1.2.1 Dislocation slip
Dislocation slip denotes the sliding of planes of atoms over one another, resulting
in a displacement of one part of the crystal relative to another part. The crys-
tallographic planes, on which the slip occurs (slip planes) and directions of the
shear (slip directions) are characteristic for the given type of crystal structure –
typically, the slip planes are close-packed (i.e., with the greatest planar density
of atoms) and the slip directions are also close-packed (i.e., with the greatest
linear density of atoms). The magnitude of the shear displacement is equal to
an integral number of interatomic distances, which means that the crystal lat-
tice remains unaltered. The sliding of planes is mediated by the movement of
dislocations (this linear crystallographic defect can be interpreted as a bound-
ary between the slipped and unslipped portions of the plane) [11]. Two types of
dislocation movement can be differentiated – dislocation glide, where the disloca-
tion moves in a plane defined by the dislocation line and the Burgers vector, and
dislocation climb, where the movement is assisted by point defects and occurs in
the perpendicular direction to the glide plane [12].

The main slip systems in magnesium are shown in Fig. 1.2 and listed in Tab.
1.1.

Figure 1.2: Slip systems in hcp metals: a) basal slip, b) prismatic slip, c) 1st

order pyramidal slip, and d) 2nd order pyramidal slip. Slip planes are indicated
by shading; arrows indicate slip directions.

The preference in activation of a particular deformation mechanism during
plastic deformation strongly depends on the c/a ratio of the given hcp metal due
to differences in planar atomic densities [14]. Because the c/a ratio of magnesium
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Table 1.1: Slip systems in hcp metals [13]

Plane Slip system Direction Number of
independent modes

Basal {0002} < 112̄0 > < a > 2
Prismatic {11̄00} < 112̄0 > < a > 2

1st Pyramidal {11̄01} < 112̄0 > < a > 4
2nd Pyramidal {112̄2} < 112̄3 > < c+ a > 5

is close to the ideal value, there is no significant preference (based on the planar
densities) of either the basal slip (preferred in hcp metals with higher c/a ratios)
or slips in the prismatic plane (which are preferred in hcp metals with lower c/a
ratios) [13, 14].

Slip, as a result of externally applied force, occurs only when the shear stress
acting on the slip plane in the slip direction reaches a specific value, called the
critical resolved shear stress (CRSS) [12]. The activation of any given slip system
is heavily dependent on the mutual orientation of the applied force, the slip plane
and the slip direction. This effect arises from the geometrical aspect of the crystal
structure. The relationship between the force exerted on the slip plane, and the
CRSS value for the corresponding slip system is described by Schmid’s law [15],
according to which the stress σ necessary to activate a slip system with a CRSS
value of τCRSS equals:

σ = τCRSS

cos θ cosφ, (1.1)

where the meaning of angles θ and φ is illustrated by Fig. 1.3. The ratio of
shear to applied stress, known as Schmid factor (SF) and denoted m, is then:

m = τCRSS

σ
= cos θ cosφ (1.2)

Since we assume that φ, θ ∈ [0◦, 90◦], the value of m for dislocation slip lies
between 0 and 0.5. The maximum value corresponds to both φ = θ = 45◦ and
therefore ω = 0◦, i.e. the axis of slip plane a⃗ being parallel to the slip direction
s⃗. The other limit cases, in which m = 0, occur either if θ = 90◦ (i.e., the slip
plane is perpendicular to the loading direction) or φ = 90◦ (i.e., the slip plane is
parallel to the loading direction).

The values of CRSS for different deformation mechanisms in magnesium were
found to vary significantly. Furthermore, the ratios of the CRSS values for indi-
vidual deformation mechanisms in polycrystalline magnesium alloys are heavily
influenced by the presence of neighbouring grains [16], alloying atoms [17] and
are also significantly temperature-dependent [18].

Due to the complexity of CRSS values determination for the specific combi-
nation of material and deformation environment, only the following qualitative
comparison was taken into account in this thesis. Based on the data presented
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Figure 1.3: Slip conditions in cylindrical Mg monocrystal. F⃗ denotes the applied
force, S0 the initial diameter of the crystalline cylinder, n⃗ the normal direction
of the slip plane, a⃗ is the axis of the slip plane, s⃗ is the slip direction, θ is the
angle between the loading direction and the normal of the slip plane, φ denotes
the angle between the loading direction and the slip direction and ψ denotes the
angle between the loading direction and the axis of the slip plane. The slip plane
is indicated by shading.

in [18] (and in accordance with similar approximation in [19]), the magnitudes of
the CRSS values of the {0002} < 112̄0 > basal slip, {11̄00} < 112̄0 > prismatic
slip, {112̄2} < 112̄3 > 2nd order pyramidal slip, {101̄2} < 101̄1 > extension twin-
ning and the {101̄1} < 101̄2̄ > contraction twinning were considered as follows:
basal slip ∼ extension twinning < prismatic slip << 2nd order pyramidal slip ∼
contraction twinning.

According to the von Mises criterion [20], at least five independent slip systems
are necessary to sustain a homogenous plastic deformation of a polycrystalline
material. The easily activated basal slip system, however, provides only two
independent slip systems. Should the prismatic system be activated as well,
there are still only four combined independent systems, falling short of meeting
the criterion. This is because both of these systems provide elongation only along
the < a > direction. To meet the criterion, a mechanism providing elongation
in the < c > direction also needs to be activated. The {112̄2} < 112̄3 > 2nd

order pyramidal system has a very high CRSS at RT and is thus very difficult
to activate at lower stresses. Another such mechanism (i.e., providing elongation
in the < c > direction) is the {101̄2} < 101̄1 > extension twinning, which, at
room temperature, has a significantly lower CRSS value compared to the 2nd

order pyramidal system. It is, therefore, extension twinning, which (at RT) most
often provides the elongation along the c axis and enables to fulfil the von Mises
criterion [13].
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1.2.2 Twinning
Twinning represents the second fundamental mechanism providing plastic defor-
mation. It is defined as a reorientation of a part of the crystal lattice in such
a manner that the original lattice (called “parent” or “twin parent”) and the
rotated lattice (called “twin” or “twin daughter”) have the same structure but
different orientation. The reorientation can be described by a mirror reflection
on a defined, so-called twinning plane. This plane is shared by both parent and
twin lattices and separates them, forming what is called a twin boundary. Twin
boundaries (similarly to grain boundaries) present an obstacle for dislocation mo-
tion. Furthermore, the reorientation of grains during twinning may facilitate (or
suppress) the activation of slip mechanisms. Considering these aspects, as well as
the formation of stress field around the twin, twinning plays an important role in
the deformation behaviour, ductility and the hardening capability of the material
[21].

Schematic representation of the lattice reorientation during twinning is shown
in Fig. 1.4. In Fig. 1.4b) the plane B undergoes a shear displacement relative
to plane A. Then, in Fig. 1.4c) the plane C undergoes the same relative shear
displacement with respect to plane B and finally, in Fig. 1.4d), the plane D shears
relative to plane C, finishing the reorientation. Plane A, along which is the twin
lattice mirrored, is the twinning plane.

Figure 1.4: Scheme of lattice reorientation during twinning. The shear of planes
relative to the twinning plane is marked by red arrows; the twinning plane is
marked by a blue line in d).
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There are several fundamental differences between deformation twinning and
deformation slip which can be summarised as follows [11]:

i) The magnitude of shear displacement during slip varies; however it is always
an integral multiple of the Burgers vector magnitude. The dislocation slip
occurs only on certain planes. In contrast, during twinning, the shear dis-
placement is, generally speaking, a fraction of the Burgers vector magnitude
and every atomic plane shears relative to its neighbour (cf. Fig. 1.4).

ii) Twinning has a polar character, i.e., it is dependent on the orientation of
loading. On the contrary, dislocation slip can occur in both directions, which
can lead to the activation of the same slip system in the same grain during
opposite directions of loading.

iii) While the lattice rotation during slip is gradual, twinning causes an abrupt
reorientation of the lattice when the twin daughter is formed.

There exists a formal notation used to describe twinning. In this nota-
tion, each deformation twinning mode is described by four invariants, denoted
K1, K2, η1 and η2 (cf. Fig. 1.5). It holds that only two of those (either K1 and
η2 or K2 and η1) are independent. The invariants K1 and η1 denote the twinning
plane and the shear direction, respectively. The parent and twin lattice can be
perceived as mirror images along the plane K1 (twinning plane) or as a result of
a 180◦ rotation around the axis η1. The second undistorted plane is the so-called
conjugate plane K2, and the direction in this plane from the centre of the sheared
unit hemisphere is called the conjugate shear direction η2. After the deformation,
the plane K2 rotates to the plane K ′

2 forming the same angle θ with the twinning
plane K1 as K2 did. The plane of the shear P is perpendicular to both K1 and
K2, and in Fig. 1.5, it is the plane of the paper, as is visualised in Fig. 1.6. Since
we consider a unit hemisphere, the shear magnitude is g = 2 cot θ [21, 22].

Figure 1.5: Schematic representation of a plane in the sheared unit hemisphere.
K1 is the twinning plane, η1 the shear direction, K2 and η2 are the conjugate
planes and the conjugate shear direction, g⃗ denotes the shear vector and θ the
angle between K1 and K2.
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Figure 1.6: Scheme of twinning invariants in space including the shear plane P

The four most commonly observed twinning modes in hcp metals are listed
in Tab. 1.2. The most important factors deciding whether the particular mode
will be activated or not are the following [21]:

i) The magnitude of shear g has to be small.

ii) The twinning mode needs to require only simple shuffles (i.e., small non-affine
displacements of the internal degrees of freedom [23]).

Each twinning mode has a corresponding value of shear magnitude dependent
on the c/a ratio (usually denoted as γ), which therefore plays an important role in
deformation twinning of various materials. Due to the polar character of twinning,
the direction of applying shear stress decides whether the given twinning mode
will be activated or not. Twinning modes can thus be divided into two groups –
modes causing contraction along the c axis of the parent grain (these are called
“contraction twins”) and modes causing elongation along the parent grain c axis
(these are called “extension twins”). The character of the twins can be determined
from the g(γ) plot (i.e., the dependency of shear magnitude on the c/a ratio) –
tensile twins have a negative slope, compression twins have a positive slope [21].

Table 1.2: Commonly observed twinning modes in hcp metals [13]

K1 K2 η1 η2

{101̄2} {101̄2} ± < 101̄1̄ > ± < 101̄1̄ >
{101̄1} {101̄3̄} < 101̄2̄ > ± < 303̄2 >
{112̄2} {112̄4̄} 1

3 < 112̄3̄ > 1
3 < 224̄3 >

{112̄1} {0002} 1
3 < 1̄1̄26 > 1

3 < 112̄0 >

The most commonly observed twinning system in magnesium and its alloys
is the {101̄2} < 101̄1 > extension twinning, depicted in Fig. 1.7. It leads to
reorientation of the lattice by ca. 86.3◦ and extension along the c axis, associated
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with tensile strain along it (or compressive strain perpendicular to the c axis).
While twinning itself can accommodate strain up to 6.4%, the reorientation of
the lattice may increase the likelihood of activation of basal or prismatic slip
systems, which can enhance the ability of the material to accommodate plastic
strain [21, 24].

Figure 1.7: {101̄2} < 101̄1 > extension twinning in a) tension and b) compression

Other twinning modes, e.g. the {101̄1} < 101̄2 > and {101̄3̄} < 303̄2 >
contraction twins are observed in magnesium as well. They result from an applied
compressive strain in the c axis direction and lead to lattice reorientation by ca.
56.2◦ and 64◦, respectively [25, 26]. Another twinning mechanism observed in
magnesium and its alloys is the {101̄1} − {101̄2} double twinning, in which case
the {101̄1} contraction twinning is followed by the {101̄2} extension twinning in
the previously formed twin. The resulting twin is then reoriented by 37.5◦ with
respect to the basal planes of the initial crystal, which may lead to subsequent
activation of the basal slip in the twinned material, enhancing the ability of plastic
straining [26, 27].

The values of CRSS for twinning systems are obtained similarly to those of slip
systems, i.e., by deformation of magnesium single crystals or strongly textured
polycrystals [27]. The values for the {101̄2} < 101̄1 > extension twinning are
similar to those of basal slip and are mostly independent of temperature. How-
ever, their dependence on grain size is much stronger than those of slip systems
(albeit the character of this dependence is the same) [28].

During the twinning process, there are three distinct phases (Fig. 1.8). Nu-
cleation, with which the process starts, occurs due to a local stress state once the
projection of stress to the η1 direction reaches the critical value [29]. In the next
phase, the twin rapidly propagates through the grain in the direction of η1. Once
propagation is finished, the twin grows (thickens) in a transversal direction. This
growth results from long-range stress states across the grains, which is caused by
the movement of twin boundaries in a direction perpendicular to the twinning
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plane K1. It should be noted that the velocity of growth is by several orders of
magnitude smaller than the velocity of propagation [30].

Figure 1.8: Schematic representation of the phases of twinning. The parent grain
is black; the twin is marked red, and arrows indicate the direction of movement
in each phase.

1.3 Influence of rolling on magnesium alloys
Rolled magnesium sheets present a widespread semi-finished product enabling
further processing for numerous applications. Sheet metal-formed parts exhibit
better mechanical properties (namely improved strength due to grain refinement)
and surface quality without pores compared to die-cast components [31]. During
rolling, the material undergoes deformation between the rolls, resulting in a sheet
with uniform thickness and a large area, cf. Fig. 1.9.

Figure 1.9: Schematic representation of sheet rolling. The significant directions
in the produced sheet are marked by arrows and abbreviated. RD stands for
rolling direction, TD transversal direction (to RD, within the sheet plane), and
ND denotes the normal direction to the sheet plane.
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However, in magnesium, due to its hcp lattice, the ductility and formabil-
ity are somewhat limited (at least compared to cubic metals). This presents a
problem for the production and forming processes as well as applications of mag-
nesium sheet-based parts. Numerous studies are, therefore, currently conducted
to improve the formability of the magnesium rolled sheets due to a better un-
derstanding of the influence of rolling parameters (e.g., initial microstructure,
temperature or rolling reduction) on the resulting sheet texture. The choice of
magnesium-based sheet alloys is currently very limited, with mostly the AZ31
alloy sheets being commercially available. [31].

Typical magnesium sheets, such as those of the AZ31 alloy, develop a strong
texture during rolling. The preferred orientation of the basal planes is parallel to
the sheet plane, cf., Fig. 1.10. Due to this texture, the anisotropy of the hcp unit
cell translates into a significant anisotropy of mechanical properties in different
sheet directions, which negatively affects the formability of the magnesium sheets
[32].

Figure 1.10: The {101̄0} and {0001} pole figures of the cold-rolling, warm-rolling
and hot-rolling textures in the AZ31 alloy [3]

The rolling texture is heavily influenced by the specific thermomechanical
processing routes used during the material preparation. The rolling temperature
affects not only the strength of the {0001} basal poles but also the distribution of
the {101̄0} pole. In the case of the AZ31 alloy, after cold-working (i.e., below ca.
200 °C), the {0001} is strongly aligned along the normal direction with a weak
splitting along the RD of approximately 5◦. The < 112̄0 > crystal directions
then preferentially point along the rolling direction. This cold-working texture is
known as the {0001} < 112̄0 > texture [3].

The warm-rolling (i.e., at the temperatures of ca. 200 – 250 °C) of the AZ31
alloy leads to the formation of the so-called {0001} < 101̄0 > texture. In this case,
the {0001} texture remains strong, and its peak exhibits no apparent splitting.
The {101̄0} poles align preferentially along the rolling direction. Steiner et al. [3]
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state that the {0001} < 101̄0 > texture commonly appears in as-received com-
mercial AZ31 sheets, which have likely undergone thermomechanical processing
similar to warm-rolling.

Hot-rolling (i.e., at temperatures above ca. 250 °C) of the AZ31 leads to
weakening of the {0001} basal texture and at the same time to a random dis-
tribution of the {101̄0} poles within the sheet plane (cf. Fig. 1.10) [3]. The
texture of the {101̄0} poles is also significantly influenced by the recrystallisation
of the deformed alloy, which occurs readily above 250 °C [33]. The recrystallisa-
tion typically leads to a 30 ◦ rotation of the crystallographic texture around the
< 0001 > axis, which means that the {0001} < 101̄0 > texture, resulting from
warm-rolling, effectively transforms to the {0001} < 112̄0 > “cold-working” one
[3].
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2. Aims of the thesis
The main goal of this work is to employ mutually complementing experimental
techniques to gain a thorough understanding of the influence of texture on the
activity of slip and twinning based deformation mechanisms in a magnesium-
based alloy.

The material selected for this study, a rolled magnesium alloy AZ31, was inves-
tigated utilising advanced in-situ methods, such as neutron diffraction, acoustic
emission, electron backscatter diffraction and high-speed camera imaging.

To achieve the set goal, the following tasks were completed:

• The initial microstructure and texture of the rolled AZ31 alloy were evalu-
ated based on electron backscatter diffraction (EBSD) measurements, pro-
viding a sufficient statistical dataset of the studied material.

• A sufficient number of samples with specific orientations was prepared based
on the previously determined texture. These samples were suited both for
compressive and tensile deformation and machined with respect to their
particular application.

• Sets of samples of all selected orientations were deformed both in compres-
sion and tension, providing statistical data based on which the mechanical
properties were evaluated.

• The neutron diffraction spectra were collected at selected points during
the compressive deformation of the samples. Concurrently, the acoustic
emission (AE) signal was recorded. The obtained data were analysed with
an emphasis on revealing the relation between the parameters of AE events
and the evolution of the neutron diffraction spectra.

• A high-speed camera imaging of the sample surfaces was captured during
the compressive deformation of a number of specimens with selected sample
orientations.

• The EBSD was measured at selected points during the deformation of sam-
ples inside the chamber of a scanning electron microscope. An analysis of
the obtained data, focusing on the correlation of the results achieved by
all the employed techniques and the detected microstructural changes, was
performed. A quantitative analysis of the Schmid factor distribution and
the twinned volume fraction was also implemented.
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3. Experimental methods

3.1 Deformation tests
The data obtained from the deformation test are the time-resolved values of
applied load and the position of the loading device frame. The deformation in
the elastic region can be described by engineering stress σ and engineering strain
ε, defined as follows [12]:

σ = F

S0
, (3.1)

where F is the applied load and S0 is the initial cross-section of the active zone
of the sample; and:

ε = ∆l
l0

= l − l0
l0

, (3.2)

where l0 is the initial and l the actual gauge length. The engineering stress and
strain are defined only in the elastic region of deformation, where the changes of
the cross-section and the length are negligible, and the values are thus considered
to be constant. However, in the plastic region of deformation, their changes
become significant. To accurately describe the plastic deformation, true stress σt

and true strain εt are introduced using differential terms [12]:

dεt = dl

l
(3.3)

The true strain is then:

εt =
l∫︂

l0

dl

l
= ln l

l0
= ln

(︄
l0 + ∆l
l0

)︄
= ln(1 + ε) (3.4)

The true stress is defined as:

σt = F

S
= F

S0

S0

S
, (3.5)

where S denotes the actual cross-section. Taking the conservation of volume
during plastic deformation into account, the expression S0

S
can be expressed as

follows:

S0l0 = Sl ⇒ S0

S
= l

l0
= l0 + ∆l

l0
= (1 + ε) (3.6)

By combining the result with 3.5 and using equation 3.1, we therefore obtain:

σt = σ(1 + ε) (3.7)
Therefore, the response of the material on uniaxial straining and its mechan-

ical properties was interpreted based on the true stress - true strain (often called
“flow”) curves. During the evaluation of the measurements, the elastic part of
the deformation was subtracted.
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There are two significant points on the stress-strain curve. The first of them
is the yield point, further on denoted as σ0.2. Its definition is related to the
continuous transition between the elastic and plastic part of the deformation,
called yielding. The yield point corresponds to the stress, at which the plastic
strain after unloading of the material would be 0.2%. In practice, it is obtained
as an intersect of the line parallel with the linear part of the curve (corresponding
to the elastic region of deformation) shifted along the strain axis by 0.2%.

Beyond the yield point, the stress needed to maintain plastic deformation
increases (this phenomenon is called strain hardening) until it reaches the other
significant point – the maximum of the flow curve, denoted as σmax and called
ultimate tensile (compressive) strength (depending on the mode of deformation).
The strain at which σmax is attained is called the uniform strain and denoted εu.
Beyond the uniform strain, the deformation becomes unstable, the cross-section
of the specimen locally rapidly decreases whilst the so-called “neck” is formed.
This is shortly afterwards followed by fracture [12].

The deformation tests were used for the quantitative assessment of the me-
chanical properties of the samples. They were carried out both in compression
and tension using sets of four samples machined in all the selected sample orien-
tations. The deformation tests were performed using the Instron 5882 universal
testing machine combined with the Blue Hill 2.6 software. The deformation of all
samples was performed at room temperature, and the initial strain rate of 10−3 s−1

was used. The same strain rate was used in all the experiments presented in this
thesis to maximise the comparability of the deformation data measured during
different experiments. For the evaluation of applied load, a 100 kN capacity load
cell was used. The sampling rate of data storing was set to 50 Hz.

3.2 Neutron diffraction and acoustic emission
Combination of the neutron diffraction and acoustic emission techniques enables
concurrent investigation of the dynamical processes within the material during
its deformation, such as twin nucleation or avalanche-like motion of dislocations
(acoustic emission), as well as the effect of more gradual processes in the bulk
of the material, such as twin growth (neutron diffraction). These two methods,
therefore, complement each other and offer an extensive insight into the mecha-
nisms of the material deformation [34].

3.2.1 Neutron diffraction
The analysis of neutron diffraction spectra can reveal crystallographic changes,
which the studied material undergoes during its deformation. This is possible due
to the wave-like characteristics of neutrons arising from the wave-particle duality.
For the purpose of investigating the atomic arrangement of solids, the wavelength
of the utilised radiation needs to be comparable within an order of magnitude
with the spacings between the atoms (typically units of Å) [35].
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According to the wave theory, the wavelength λ equates to [35]:

λ = h

mv
, (3.8)

where h denotes the Planck constant, m the mass of the particle (in this case neu-
tron and thus further denoted mn) and v its velocity. If we consider so-called ther-
malised neutrons (i.e., neutrons that underwent a large number of collisions inside
a reactor at a given temperature T ), then according to the Maxwell-Boltzmann
distribution, they have a root-mean-square velocity corresponding to the temper-
ature T :

1
2mnv

2 = 3
2kBT, (3.9)

where kB denotes the Boltzmann constant. Combining the equations 3.8 and 3.9,
we obtain the relationship:

λ = h√
3mnkBT

, (3.10)

This means that, for example, at 100 °C (i.e., 373.15 K), the wavelength of
neutrons is approximately 1.3 Å. Due to this fact, beams of neutrons, slowed
down by a moderator and extracted from the nuclear reactor, can be utilised to
study the structural properties of solid materials [35].

The principle which allows insight into the structure of solids exposed to a
beam of neutrons was described by Bragg [36]. The incident neutrons scatter on
the periodically spaced lattice planes. The path difference of neutrons scattered
coherently and elastically on neighbouring planes is dependent on the interplanar
distance d and the angle of incidence θ. When this path difference equals to an
integral multiple of their wavelength λ, constructive interference occurs, which is
described by the Bragg equation:

2d sin θ = nλ, (3.11)
where n ∈ N denotes the order of diffraction. The schematic representation of
Bragg diffraction is shown in Fig. 3.1.

If the wavelength of the incident neutrons is a known constant (the waves
are monochromatic), the interplanar distance can be calculated from the diffrac-
tion peak position (i.e., the angle of incidence for which the neutron waves have
interfered constructively). The distance dhkl between planes with Miller indices
(hk.l) (where the i = −(h + k) index is omitted and marked “.” for simplicity)
is determined by the formula 3.12 [37]. This allows determining the plane family
to which the detected diffraction peak corresponds.

1
d2

hkl

= 4
3a2 (h2 + k2 + hk) + l2

c2 , (3.12)

where a and c are the lattice parameters. The difference between the incident and
scattered wave vectors ki⃗ and kf⃗ is called the diffraction vector and is denoted Q⃗:

Q⃗ = ki⃗ − kf⃗ (3.13)
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Figure 3.1: Schematic representation of Bragg diffraction on crystallographic
planes with interplanar spacing d. Blue segments denote the path difference,
while the incident wave vector, scattered wave vector and diffraction vector are
coloured red.

|Q⃗| = 4π sin θ
λ

(3.14)

Diffraction, therefore, provides information about planes perpendicular to the
diffraction vector, as is illustrated in Fig. 3.1.

The neutron diffraction spectra are influenced by the presence of internal
stresses in the sample. Typically, the internal stresses are classified into three
types [38]:

i) Type I stresses, called macrostresses. These stresses are self-equilibrated
across the whole sample and are assumed to be continuous across the grain
and phase boundaries. They typically arise from macroscopic misfits gen-
erated by plastic deformation of the sample or its quenching. The type I
stresses lead to shifts of the diffraction peaks.

ii) Type II stresses are self-equilibrated over a scale comparable with grain sizes
and are discontinuous across grain boundaries. The origin of type II stresses
is related to the different response of individual grains to applied pressure
due to their varying elastic and thermal properties. Regarding the neutron
diffraction spectra, type II stresses lead to varying degrees of peak shift and
peak broadening.

iii) Type III stresses self-equilibrate on scales smaller than grain sizes and orig-
inate from misfits such as crystal defects. The type III stresses typically
include stresses caused by dislocation stress fields and incoherent interfaces
and lead to peak broadening and shape change. Type II and III stresses are
collectively called microstresses.

The external loading of the sample leads to lattice strain causing a change of
the diffracted angle, as is illustrated in Fig. 3.2. By differentiating of the Bragg
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equation 3.11, we obtain the following expression describing the lattice strain for
a given grain family (hk.l):

εhkl = dhkl − d0,hkl

d0,hkl

= ∆dhkl

dhkl

= − cot θ0,hkl∆θhkl, (3.15)

where εhkl denotes the lattice strain in question and the values of interplanar
distances d, and diffraction angles θ indexed with the subscript 0 correspond to
the stress-free state.

Figure 3.2: Schematic representation of lattice strain under loading. The red-
dashed lattice points, planes and rays correspond to the stress-free state, while
the black ones correspond to the state under applied stress. The loading direction
is marked by blue arrows.

The evolution of lattice strain can be used to investigate the onset of plastic
deformation in various orientations (e.g., [39]). In the elastic region of deforma-
tion the lattice strain should be linearly dependent on the applied stress following
the Hooke’s law. The deviation from this linear dependence then marks the on-
set of plastic deformation for the given grain family. So-called “soft” and “hard”
orientations of grain can therefore be differentiated – the dependency of lattice
strain on applied stress in the “soft-oriented” grains deviates above the linear line
(for example, as a result of suitable orientation for extension twinning mediating
plastic deformation) as they undergo plastic deformation and slow their elastic
loading, while for the “hard-oriented” grains the curve deviates below the elastic
regime line (in order to accommodate the remainder of elastic loading) [40]. The
linear dependencies slopes are determined by the values of Young’s moduli E.
The specific values used in this thesis are those experimentally obtained in the
study [41], which investigated samples of the AZ31 alloy oriented in the RD, ND
and 45 directions.

The most significant change of the diffraction pattern during plastic defor-
mation mediated by twinning is illustrated in Fig. 3.3. The evolution of the
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integrated intensities of particular peaks is induced by the texture evolution dur-
ing plastic deformation. In this specific study, the neutron diffraction spectra
were measured during compressive deformation. The grains oriented favourably
for the {101̄2} < 101̄1 > extension twinning were the ones with their (101̄0)
prismatic planes oriented perpendicular to the loading direction. Once they un-
derwent the twinning process, the prismatic planes in the twinned parts of grains
have been reoriented out of the diffraction condition (i.e., they became practi-
cally parallel to the diffraction vector Q⃗). On the other hand, the (0002) basal
planes of the twinned parts of grains have moved to the diffraction condition (i.e.,
perpendicular to Q⃗), as is illustrated on the right-hand side of Fig. 3.3. This be-
haviour is caused by the fact that the lattice reorientation, connected with the
{101̄2} < 101̄1 > extension twinning, amounts to 86.3◦, which is near 90◦ and
therefore effectively transforms the planes perpendicular to the diffraction vector
to parallel positions and vice versa.

Figure 3.3: Evolution of the diffraction pattern due to extension twinning of
the RD sample during compression. The black line represents the diffraction
pattern measured at 10 MPa (i.e., within the early stages of elastic deformation).
The red line then shows the pattern collected after 5 % of plastic deformation.
For illustration, the scheme of extension twinning during compression and the
orientation of diffraction vector relative to the crystallographic planes is included.

Therefore, the above-described process leads to a significant decrease in the
integrated intensity of the (101̄0) diffraction peak and, at the same time, an
increase in the integrated intensity of the peak corresponding to the (0002) planes.
The fraction of the integrated intensities of these two peaks can therefore be
used to assess the evolution of the twinned volume fraction within the studied
sample during plastic deformation. Similar changes can be expected regarding
the (112̄0) and (101̄3) intensities, respectively, determined by the {112̄0}−{101̄3}
parent-daughter grain relation also resulting from the {101̄2} < 101̄1 > extension
twinning [42].

The elastic scattering of neutrons by atomic nuclei (neutron diffraction) and
of X-rays by electrons (X-ray diffraction) can be described by similar equations
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based on the same theory. However, there are several important differences be-
tween the two techniques leading to differences in the suitability of the two for
different experiments [43]. The main advantages of neutron over X-ray diffraction
are the following [43, 44, 45]:

• The penetration depth of neutrons is typically 2-3 orders of magnitude
higher than that of X-rays (ca. 10 mm compared to 10−2 mm). Neutron
diffraction technique can therefore be used to obtain statistically significant
results even for polycrystalline samples with extensive grain sizes.

• The energy of thermal neutrons with a wavelength of 1 Å is ca. 0.08 keV,
much lower than that of X-rays of the same wavelength (ca. 12 keV). This
limits possible radiation damage and enables to monitor the changes in
internal stresses during loading.

• The scattering amplitudes of neutrons vary irregularly with their atomic
number Z, in contrast with X-rays, for which the scattering amplitude
grows linearly with the number of electrons (and thus Z). This means that
neutron diffraction is better suited for studying systems containing elements
with similar atomic numbers or very light elements.

• The scattering amplitude of neutrons is independent of the diffraction angle
θ, whereas for X-rays, it significantly decreases for higher θ values.

The most notable disadvantage of neutrons compared to X-rays are the longer
acquisition times during diffraction experiments, caused by the lower luminosity
of the neutron sources. This, however, does not cause any significant problems in
the application for this study and neutron diffraction is, therefore, the preferred
technique of the two in this case.

3.2.2 Acoustic emission
The acoustic emission phenomenon is defined as transient elastic waves within the
material arising from a rapid release of localised stress energy [46]. The sources
of AE are related to dynamic changes in the material structure (e.g. dislocation
motion, twinning, cracking or various martensitic transformations) and are ac-
tivated by external forces. The elastic waves travel through the material to the
surface, where their perpendicular component can be detected by a piezoelectric
device, transforming the surface displacement to an electric signal (“AE signal”),
which is amplified and further processed by measuring devices. In this thesis, the
AE technique was employed to study signals originating from twinning and the
collective (“avalanche-like”) motion of dislocations [47].

Various AE signals can be generally separated into two distinct categories –
burst and continuous emission. Continuous emission occurs when many different
sources simultaneously generate the elastic waves, and the separation of individual
pulses is impossible. In this case, the amplitude of the signal remains above
the threshold level (cf. Fig. 3.5) for an extended period of time. Continuous
emission is closely related to plastic deformation mediated by dislocation slip
(generation of dislocations by Frank-Read sources, their mutual interaction, piling
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up at obstacles and subsequent releasing [46]). The burst type of AE signal, on
the other hand, consists of distinct, well-separated pulses characterised by a rapid
decay of the signal amplitude. This sort of signal occurs due to instabilities in
plastic deformation, most notably (for the purposes of this thesis) as a result of
twin nucleation (the twin growth is not rapid enough to be detectable) [48, 49].
Examples of both emission types are shown in Fig. 3.4.

There are two basic approaches to the processing of the AE signal. In the
hit-based approach, each AE event (i.e., a single dynamic process during which
a certain amount of energy is released) is processed individually in real-time.
The alternative approach is based on data streaming. This technique consists of
recording the entire signal and its ex-post parametrisation, which enables mod-
ifying the event parametrisation based on inspection of the recorded signal to
optimise it for the specific experimental setup. On the other hand, this approach
leads to large quantities of recorded data and time-consuming post-processing.
[50]. It is thus applicable only when the measurement does not last too long. In
this thesis, however, the AE signal is recorded concurrently with acquiring the
neutron diffraction spectra. This process is rather long, and the whole experi-
ment spans across multiple hours. The hit-based approach is, therefore, the only
feasible option in this case.

Figure 3.4: Examples of AE signal types – a) burst emission and b) continuous
emission [50]

The hit-based approach relies on a set of parameters, which are preset before
the experiment in order to define potential AE events. These parameters are
listed below, along with Fig. 3.5 providing their illustration.

• Threshold level – once this voltage is exceeded, the AE event is considered
to have started.

• Hit definition time (HDT) – the event is considered to have ended if the
signal does not exceed the threshold voltage for this amount of time.

• Hit lockout time (HLT) – marks the time period during which no new events
are detected. This serves to avoid echoes of the original event.
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Figure 3.5: Parametrisation of the AE signal [51]

The HLT is often called “dead time”. The sum of HDT and HLT marks the
minimal time difference between the end of the previous AE event and the start of
a new one. In some cases, the maximum duration of an AE event is also set. The
choice of the threshold level, HDT and HLT influences the identification of AE
events and, therefore, the resulting statistical distribution of their characteristics
[50, 51].

The most important parameters characterising each AE event are the following
[51]:

• Amplitude – the maximum voltage during the AE event

• Rise time – the time between the threshold level is first exceeded, and the
peak voltage is reached

• Duration – the time difference between the first and last crossing of the
threshold level

• Counts – the total number of times the threshold level is crossed during the
event

• Count rate – the number of counts per unit time

• Energy – the area under the envelope curve (shaded area in Fig. 3.5)

The AE signal is heavily dependent on the deformation behaviour of the sam-
ples and, as such, provides a possibility to analyse the influence of various exper-
imental and material parameters on this behaviour. Examples of such analyses
in Mg single crystals and the AZ31 alloy can be found in [52] and [53]. However,
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there are drawbacks to the hit-based AE recording. The main problem is caused
by the absence of any direct link between the specific source mechanism and the
characteristics of the resulting AE signal [51]. In contrast, if the data streaming
approach is employed, this problem can be, at least to a certain extent, resolved
by applying a spectrum-based analysis (based on the difference in AE waveforms
produced by different mechanisms [54]), such as the adaptive sequential k-means
procedure [55] (this, however, falls beyond the scope of this thesis). Even if such
techniques are adopted, the AE analysis identifies only the preferential deforma-
tion mechanism. Other mechanisms may also be active but end up obscured by
the dominant one.

The analysis of the acoustic emission signal, therefore, provides a sensitive
and non-destructive method of insight into the deformation behaviour. However,
to avoid uncertainty in conclusions, the AE analysis should be combined with
other experimental methods providing more direct observations.

3.2.3 Experimental setup
The neutron diffraction experiments coupled with acoustic emission monitoring
were performed in-situ during compressive deformation of the AZ31 magnesium
alloy samples at the Neutron Physics Laboratory of the Nuclear Physics Institute
in Řež. The biaxial diffractometer TKSN-400 installed in the HK-9 horizontal
neutron channel of the LVR-15 research reactor was used in this study. The
scheme of the diffractometer is shown in Fig. 3.6, together with the scheme
illustrating the neutron optics of the TKSN-400 diffractometer. The axial geom-
etry (i.e., the parallel orientation of the diffraction vector and loading axis) was
used for this study. The TKSN-400 diffractometer is optimised to study internal
stresses in polycrystalline solids and provides a resolution ∆d

d
of ≈ 2 × 10−3.

Figure 3.6: a) Scheme of the biaxial TKSN-400 diffractometer, b) scheme of the
neutron optics used in the TKSN-400 diffractometer [56]
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The diffracted neutrons had a wavelength of 2.4 Å, which was selected by a
bent Si-monochromator. In this monochromator, only the neutrons scattered on
the (220) planes are selected. The curvature then helps to focus the monochro-
matised beam on the sample, which improves the angular resolution [56]. The
neutron flux was approximately 105 particles per cm2/s.

The diffractometer was equipped with a 2D He positive sensitive detector
(detecting the excess energy originating from the reaction: n + 3He → p+ 3H +
0.77 MeV [56]) with an active window of 220 × 220 mm2 and the spatial resolution
of 0.8 × 0.8 mm2. The detector was set up so that its centre was in the position
2θ = 51◦, which enabled detection of diffraction spectra within the angular range
of ca. 44.2◦ to 58◦. The slit between the monochromator and the sample selected
a gauge volume of 3 × 5 × 6 mm3 within the sample. For better resolution, a
3 × 5 mm2 slit was placed between the studied sample and the detector.

The loading of the samples was performed by an uni-axial loading rig with a
maximum force of ±100 kN. The deformation of each sample was stopped at pre-
selected values of stress (in stress-control mode) or strain (in strain-control mode)
to collect the diffraction patterns. The data acquisition time in each measured
point was set to 1 hour. The strain was measured by an extensometer. The
specific setup of the experiment is shown and described in Fig. 3.7.

Figure 3.7: a) The uniaxial loading rig [56], b) detail of the sample mounting
(here it is shown after breaking of the sample) and the AE measuring device

During the experiments, it was revealed that the load cell in the loading rig
was miscalibrated. The subsequent calibration experiments with known loads
unveiled a discrepancy between the actual and indicated load (denoted Fa and
Fi respectively), exhibiting an exponential decrease in their ratio. The experi-
mentally obtained values of this ratio were therefore fitted with the exponential
decay function (using the Origin 2019 software):

y = y0 + Ae− x
t , (3.16)

where y0 denotes the asymptote value, while A and t determine the shape of the
curve. The fitted values, together with the approximate values of load corre-
sponding to yields stresses in different sample orientations (aiming to illustrate
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the magnitude of the discrepancy with regard to the stage of deformation) are
shown in Fig. 3.8.

Figure 3.8: The exponential fit of the ratio between the actual and indicated load
by the load cell. The respective yield points for the sample orientations 45, ND
and RD are also displayed.

The diffraction data were analysed by the single peak fitting method using the
Origin 2019 software. Based on the symmetrical and moderately broad profiles
of the peaks, a simple Gauss function was fitted to the peaks:

y = y0 + A

w
√︂

π
2

e−2 (x−xc)2

w2 , (3.17)

where y0 denotes the offset (caused by the background radiation), xc the centre of
the peak, w the width of the peak and A its area. The full width at half maximum
(FWHM) is then equal to

√︂
2 ln(2)w. The Gaussian profile tends to fit the peak

profiles well unless the broadening due to Type III internal stress (mainly due to
increased dislocation density) is significant. In that case, the shape tends to be
more Lorenzian-like [56].

During the loading interrupted by the neutron diffraction spectra collection,
the acoustic emission was concurrently monitored. The schematic representation
of the experimental setup used to acquire and process the AE signal is shown in
Fig. 3.9. The piezoelectric transducer transforms the oscillations of the sample
surface, caused by the mechanical waves, to an electric signal. The signal is
preamplified and enters the processing unit, where it is amplified, converted from
analogue to digital and analysed. Once processed, the signal is then passed to
the computer equipped with a corresponding, specialised software.

The acoustic emission data were collected during interrupted compressive
loading of samples of all selected orientations. During the interruptions, the neu-
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Figure 3.9: Scheme of AE signal acquisition and processing

tron diffraction spectra were collected. The AE was monitored by a computer-
controlled system PAC PCI-2 (Physical Acoustic Corporation). In this setup,
the Dakel MICRO 2006 (Dakel - ZD Rpety) transducer with a flat response be-
tween 50 and 650 kHz and the PAC 2/4/6 preamplifier with a gain of 40 dB were
incorporated.

The recorded acoustic emission signal necessitated filtering during its post-
processing in order to gain datasets with the most relevant information possible.
The initial filtering was performed by scripts executed by the Python 3.9 software.
The three basic filtering parameters were AE energy (which was required to be
non-zero), counts (only the events with more than 20 counts were permitted) and
amplitude (the threshold level was set above the permanent background noise,
i.e., to 28 dB). Further filtering was performed manually based on the AE events
timestamps. This was done to eliminate events originating during the respective,
one hour long diffraction spectra collection periods. During these, the loading
rig motor would sometimes “buzz” (despite the stationary state of the rig), emit-
ting vibrations interfering with the AE measurement. AE event corresponding to
these vibrations were therefore removed from the evaluated datasets.

3.3 Scanning electron microscopy
Scanning electron microscopy (SEM) is an imaging technique that provides res-
olution capabilities far beyond optical microscopes. This is because the angular
resolution is proportional to the wavelength, with the values for the visible light
(used in optical microscopes) ranging from ca. 380 to 760 nm [57]. In contrast,
an electron accelerated to 15 keV (such electrons were used in this study) has a
wavelength of approximately 0.01 nm (cf. Eq. 3.8). SEM, therefore, enables a
detailed, highly magnified observation of the sample microstructure.

The scheme of a scanning electron microscope is depicted in Fig. 3.10, together
with an illustration of the different types of signals, which can originate from the
interactions of an accelerated electron within different areas of the sample. These
electrons are produced in a field emission gun (FEG) as a result of emission due to
intensive external electric field. The emitted electrons (further on called primary
electrons) are accelerated by applying high voltage, and their beam is collimated
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by an electro-magnetic lens (so-called condenser lens). After passing through
an adjustable aperture, the beam is periodically deflected by a set of so-called
scanning coils so that it continually scans the selected area of the sample surface.
The deflected beam is then focused by the objective lens and interacts with the
sample.

Figure 3.10: a) Scheme of the scanning electron microscope [58], b) schematic
representation of the interaction volumes from which the specific signals in SEM
originate [59]

The interaction of the primary electrons with the sample may lead to different
types of radiation originating from various depths under the sample surface, cf.
Fig. 3.10. The most important types of signal for this work are the secondary
electrons (SE) and the backscattered electrons (BSE). Apart from these, the
characteristic X-rays are often used to determine the local chemical composition
of the sample (this technique is called energy-dispersive X-ray spectroscopy). The
essential characteristics of SE and BSE are the following [57]:

• Secondary electrons are knocked out of the electron shells of sample atoms
by primary electrons. Due to their low energy (E < 50 eV), the layer of the
sample from which they originate is only ∼ 1 nm in metals. The SE signal is
sensitive to surface orientation, which leads to a topography contrast used
in surface observations.

• Backscattered electrons are (near) elastically scattered on the atomic nu-
clei within the sample under angles so acute that they escape the sample
through its surface. Their interaction volume in metals is typically hundreds
of nm due to their higher energy compared to SE. As a result of scatter-
ing amplitude variation with the nucleus atomic number Z, the BSE signal
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forms the composition contrast. Another information in the BSE signal
comes from the channelling contrast caused by the variation of penetration
depths in the specimen based on its local crystallographic orientation.

3.4 Electron backscatter diffraction
Electron backscatter diffraction is a microstructural diffraction technique en-
abling to study the structure of the sample material. By scanning across the
selected sample surface area and determining the local crystallographic orien-
tations, characteristics such as grain boundaries, grain size distribution, texture,
misorientation between individual grains, and many others can be examined both
qualitatively and quantitatively [57].

The principle on which EBSD is based is the diffraction of previously in-
elastically scattered electrons. Upon entering the sample, the primary electrons
interact with the scattering centres, which may result in their inelastic scattering.
The angular distribution of the intensity of inelastically scattered electrons has
a maximum in the original direction of the beam and decreases with the scatter-
ing angle. Some of the omnidirectionally scattered electrons are bound to meet
the Bragg diffraction condition (Eq. 3.11) with the diffraction angle θ for any
given set of planes (hkl), cf. Fig. 3.11. The electrons diffracted to higher angles
with regard to the direction of the primary beam cause local excess of intensity
compared to the undisturbed distribution and vice versa, the electrons diffracted
to lower angles cause local deficiency of intensity. These disturbances in the in-
tensity of electrons coming to the viewing screen cause the phenomenon called
Kikuchi lines [60].

In three dimensions, the diffracted electrons form a surface of so-called Kossel
cones, which are symmetrical with respect to the diffracting plane and have an
apex angle (π−2θ). The intersections of the Kossel cones and the viewing screen
are theoretically hyperbolae, yet since the angles θ are typically minimal, the
intersections appear line-like, hence the origin of the term Kikuchi “lines” [60].

To obtain the crystal orientation from the diffraction patterns, the positions of
the Kikuchi lines are analysed by specialised software using the Hough transform
[62]. Their mutual angles are calculated from the line positions and compared
with a list of interplanar angles for the studied crystal structure. The best match
of all the comparisons is then accepted as the orientation of this point of the sam-
ple surface [63]. The extent of agreement between the experimentally obtained
and theoretically calculated line positions is characterised by a value called con-
fidence index (CI). The systematic and automatised analysis of the diffraction
patterns in all examined points on the sample surface then yields the resulting
EBSD map.

To maximise the BSE yield, the sample is typically tilted by 70◦ towards the
EBSD camera. The accelerating voltage needs to be optimised – higher voltage
leads to higher BSE yield; however, it negatively influences the resolution [57].
In this study, the accelerating voltage of 15 keV was used.
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Figure 3.11: a) Scheme of the Bragg diffraction of inelastically scattered electrons
[60]. θ marks the Bragg angle, and ∆k denotes the magnitude of the diffraction
vector Q⃗ = ki⃗ − kf⃗ , b) schematic representation of the intersection of the Kossel
cones and the diffraction pattern (DP), forming Kikuchi lines [61]. The Bragg
angle is denoted θB here.

The SEM and EBSD measurements for this thesis were performed using the
Zeiss Auriga Compact scanning electron microscope with a Schottky type field
emission gun, equipped with an EDAX EBSD camera. The results presented in
section 4.5 are based on the EBSD measurements performed during the in-situ
deformation of the samples inside the vacuum chamber using the MTI SEMTester
1000 deformation table. Described photographs of the experimental setup for the
in-situ EBSD measurements during compressive deformation are shown in Fig.
3.12. A secondary electron image of the sample before the deformation process
is shown in Fig. 3.13.

During the EBSD data collection, which took ca. 20 minutes for each data
point, some of the samples exhibited stress relaxation of ca. 5 MPa. In these
cases, the presented stress values are those at the end of the data collection.

For collecting the EBSD data, the TSL-OIM Data Collection software was
used. The analysis of the results was performed using the TSL-OIM Analysis
8.0 software. The raw data were partially cleaned, using the CI Standardization
(setting the CI of all pixels within the grain to the maximum value of CI found
in this grain) and Grain Dilation (assigning the pixels not belonging to any grain
to the grain with which the pixel in question has the most neighbours and setting
the CI of this pixel equal to the CI of the grain) processes, which were performed
on all the datasets before further evaluation. The misorientation angle for high
angle grain boundaries was set to be 15◦. The grain tolerance angle was set to
5◦ (lower misorientation angles are caused by internal strain within the grain,
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Figure 3.12: a) Setup of the in-situ EBSD deformation experiment, b) detail of
the deformation table with a compressive sample

Figure 3.13: SE image of the sample captured during the compressive deformation

higher angles mark low angle grain boundaries) and the minimum grain size to
50 px. Areas smaller than 50 px and with CI lower than 0.1 were excluded from
the further evaluation (due to the insufficient quality of the diffraction pattern).

All the EBSD maps shown in section 6.1 have the dimensions of 300 × 300 µm2

and were measured with the step size of 0.3 µm. The maps presented in section
4.1 represent an area of approximately 2.5 × 2 mm2 and were measured using the
step size of 2 µm.

The results of the EBSD based microstructural analysis are presented in this
thesis using the following representations:

• Pole figures (PF), displaying the distribution of selected crystallographic
direction with respect to the sample coordinates.
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• Inverse pole figures (IPF), displaying the distribution of crystallographic
planes parallel with the observed sample surface for the specific sample
direction.

• Inverse pole figure orientation maps, displaying the crystallographic orien-
tation of grains using the IPF colour coding.

• Twin parent-daughter grain relation maps, displaying the parent and twin
grains (of selected twinning mode) based on the reorientation analysis.

3.5 High-speed camera imaging
The high-speed camera imaging of the sample surface during deformation can
provide valuable insight into the rapid processes during deformation. Potential
macroscopic inhomogeneities in the deformation behaviour, as well as the collec-
tive behaviour of deformation twinning, may be observed by combining suitable
magnification optics with a camera capable of capturing the sample surface with
sufficient time resolution.

The surfaces of the samples undergoing compressive deformation were ob-
served using the combination of a Photron FastCam SA-Z 2100K high-speed
camera and a Questar QM-100 distance optical microscope. For the deformation
of the samples, the MTI SEMTester 1000 deformation table was employed. The
sample surface micrographs were captured with the frequency of 50 Hz and sub-
sequentially exported with the time difference between the frames corresponding
to the frequency of 5 Hz (due to data storage limitation).

3.6 Sample preparation
The samples for compressive deformation were machined using the ATM Brillant
220 cutting machine into cuboids. Their dimensions differed according to the
specific deformation machine in which they would be used. The samples for the
separate deformation tests and those for the interrupted deformation tests coupled
with the acquisition of the neutron diffraction spectra and recording of the acous-
tic emission signal were machined with the initial dimensions of 5 × 5 × 7.5 mm3.
The samples deformed by the MTI SEMTester 1000 deformation table during
the in-situ EBSD measurements and high-speed camera imaging had the initial
dimensions of 2.5 × 2.5 × 4 mm3. The samples for tensile testing were machined
using the ATM Brillant 220 cutting machine and CNC milling machine to have
an active zone with the dimensions of 1.5 × 1.5 × 4.5 mm3. The samples for the
EBSD measurements of the initial microstructure and texture were cut to have a
surface area of ca. 10 × 10 mm2

The surfaces of the samples used for the acquisition of the neutron diffraction
spectra were ground using watered abrasive SiC paper graded 1200. The sur-
faces of the samples for EBSD experiments and high-speed camera imaging were
ground using a sequence of watered abrasive SiC papers graded 1200, 2400 and
4000 and then mechanically polished using a sequence of diamond suspensions
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with the grain sizes of 3, 1 and 0.25 µm. The surfaces of the samples prepared for
the initial microstructure EBSD observations were subsequently electropolished
using the Struers LectroPol 5 machine with the AC2 solution. As the final step of
the surface treatment prior to the in-situ EBSD measurements, the sample sur-
faces were ion polished using the Leica EM RES 102 machine. The mechanically
polished samples for high-speed camera imaging were etched for ca. 3 seconds by
a solution of ethanol, distilled water, acetic acid and picric acid (with the ratio
of 50 ml : 9 ml : 4 ml : 6 g) to enhance the grain boundary contrast.
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4. Results

4.1 Experimental material characterisation
The material used in this study was a commercial magnesium alloy AZ31 (96 wt.
% Mg, 3 wt. % Al, 0.8 wt. % Zn, 0.2 wt. % Mn). It was received in the form of
a 15 mm thick rolled sheet.

To illustrate the initial microstructure in the longitudinal (i.e., the RD ×
TD plane) and transversal (i.e., the ND × TD) planes, their IPF orientation
maps are shown in Figs 4.1 and 4.2, respectively. Although most of the grains in
the transversal plane are of similar diameters, several significantly larger grains
are present, presumably as a remnant of the original microstructure not entirely
refined by the rolling process. This, however, does not have a significant influence
on the overall resulting grain size distribution, yielding similar results as the one
evaluated in the longitudinal plane. Similarly coarse grains were not observed
during any other studies using this experimental material.

Figure 4.1: IPF orientation map of the original microstructure in the longitudinal
plane of the AZ31 sheet
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Figure 4.2: IPF orientation map of the original microstructure in the transversal
plane of the AZ31 sheet

The average grain size diameter d was evaluated based on the EBSD mea-
surements of the longitudinal sheet plane as d =(31 ± 13) µm (distribution mean
± distribution standard deviation). The grain size diameter distribution in this
plane is shown in Fig. 4.3.

Figure 4.3: Grain size diameter distribution of the studied AZ31 alloy

The EBSD analysis of the sheet revealed the typical texture for rolled magne-
sium sheets (not containing rare-earth metals [31]), i.e., basal planes preferentially
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oriented parallel to the sheet plane; cf. the pole figures in Fig. 4.4. The analysis
was conducted on a dataset consisting of more than 9500 grains.

Figure 4.4: Pole figures of the AZ31 sheet texture

Based on the detected texture, three distinct orientations of samples with
respect to the sheet coordinate system (cf. Fig. 1.9) were selected in order to
provide a range of orientations regarding the identified basal texture:

• samples oriented in the sheet normal direction, further on denoted as ND

• samples oriented in the sheet rolling direction, further on denoted as RD

• samples oriented in the direction of 45◦ between RD and ND, further on
denoted as 45

Figure 4.5: Inverse pole figures in the selected sample orientations
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4.2 Deformation tests
The true stress - true strain curves measured for the samples of all the selected
orientations during both compressive and tensile deformation are shown in Fig.
4.6. Only the plastic regions of these deformation curves are shown. For each
combination of loading mode and sample orientation, only one curve is depicted,
although four separate tests were carried out in order to confirm the repeatability
of the experiments.

Figure 4.6: True stress - true strain curves of a) compressive and b) tensile
deformation

The values of yield stresses σ0.2 and true fracture stresses σtmax calculated
from the measured data for both loading modes and samples of all orientations
are listed in table Tab. 4.1.

Table 4.1: Measured yield (σ0.2) and true fracture σtmax stresses for samples of
all selected orientations deformed in compression and tension

Compression Tension
Orientation σ0.2 [MPa] σtmax [MPa] σ0.2 [MPa] σtmax [MPa]

45 72 ± 7 251 ± 9 61 ± 6 291 ± 10
ND 175 ± 7 295 ± 4 61 ± 6 335 ± 14
RD 70 ± 6 315 ± 8 141 ± 8 315 ± 8

There are significant differences in the measured values of yield stresses. One
can observe a distinct differentiation, where for a given loading mode, certain
orientations of samples yield at values of stress more than twice those of other,
easier yielding orientations. In compression, the only outlier is the ND sample,
whereas, in tension, the RD sample exhibits high yield stress. The behaviour
of these samples follows the suitability for activation of the {101̄2} < 101̄1 >
extension twinning (cf. Fig. 1.7 and 4.5) as the mechanism mediating the onset
of plastic deformation. The yield stresses measured for the 45 sample are among
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the low ones in both modes of deformation, indicating twinning and basal slip
activity in these samples, deformed both in compression and tension.

To gain further insight into the specific deformation mechanisms causing the
observed behaviour, more direct in-situ methods were employed. Their respective
results were further compared and discussed with the aim to comprehensively un-
derstand the mechanisms mediating deformation of the samples. The measured
values of the true stress - true strain dependence were used to determine the
levels of stress, up to which the samples (with given orientation and loading di-
rection) would be deformed prior to the in-situ observations (namely, the neutron
diffraction spectra collection and the in-situ EBSD measurements).

4.3 Neutron diffraction
The in-situ neutron diffraction experiments were executed during the compressive
loading of the samples. For each sample orientation, points in various stages of
deformation, in which the diffraction spectra would be collected, were selected
based on the previously performed deformation tests. The aim was to capture the
neutron diffraction spectra in several different loads during the elastic deformation
and then in various points during plastic deformation, with multiple data points
in the vicinity of yield points and then spread further apart during the later
stages of deformation. The position of the data points in the elastic region would
be determined by the values of true stress (i.e., stress-controlled) and in the
plastic region of deformation by the values of true strain (i.e., strain-controlled).
The true stress and true plastic strain values corresponding to points where the
neutron diffraction data were acquired are listed in Tab. 4.3. The deformation
curves (calibrated according to the description in subsection 3.2.3) are shown in
Fig. 4.7.

Figure 4.7: The true stress - true strain curves of the samples deformed in com-
pression during the neutron diffraction experiments
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The detector setup (cf. subsection 3.2.3) enabled the identification of five
different diffraction plane reflections listed in Tab. 4.2. An example of the neutron
diffraction spectra with labelled peaks is shown on the left-hand side of Fig. 3.3.

Table 4.2: List of reflections detectable by the specific setup of the neutron
diffraction experiment. Besides the Miller indices of the reflecting planes, the
corresponding wavelengths λ and the diffraction angles 2θ are also listed.

Reflection λ [nm] 2θ [◦]
(101̄3) 1.2 48.21
(101̄0) 2.4 51.32
(112̄2) 1.2 52.25
(202̄1) 1.2 53.25
(0002) 2.4 55.00

The difference in apparent wavelengths is caused by the fact that the (102̄0)
and (0002) reflections came from the first harmonic, while the (101̄3), (112̄2) and
(202̄1) reflections originated from the second harmonic, which appeared during
the monochromatisation of the neutron waves. It should be noted that not all
of these reflections were always detectable above the background radiation along
the course of deformation.

Table 4.3: The values of true stress σt and corresponding true plastic strain
values εtp of the points selected for neutron diffraction spectra acquisition for
each sample

45 ND RD
Point No. σt [MPa] εtp [%] σt [MPa] εtp [%] σt [MPa] εtp [%]

1 2 0 3 0 3 0
2 23 0 23 0 23 0
3 43 0 43 0 43 0
4 64 0.2 50 0 64 0.1
5 67 0.6 64 0 67 0.4
6 76 1.4 95 0 69 0.6
7 86 2.4 129 0 76 1.4
8 112 4.5 177 0.8 86 2.5
9 155 7.8 205 1.8 110 4.6
10 194 12.3 241 3.9 189 7.8
11 205 16.9 258 8.4 271 12.3
12 263 11.6 276 15.7
13 267 15
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The variation of diffraction peak intensities associated with texture changes
resulting from the {101̄2} extension twinning can be used to monitor the activ-
ity of this deformation mechanism. During compressive deformation and using
the axial detector geometry (the case of this study), the change in peak inten-
sity associated with the {101̄2} twinning is related to the {101̄0} − {0002} and
{112̄0} − {101̄3} parent-daughter grain relation. In particular, the intensities
of the (101̄0) and (112̄0) peaks decrease, and at the same time, the (0002) and
(101̄3) peak intensities increase [42]. However, the (112̄0) reflection falls just be-
yond the angular range of the employed detector setup (with its corresponding
diffraction angle 2θ = 44.05◦). As a result, the extension twinning activity was
studied based on the increment of the (0002) and (101̄3) peak intensities and only
the (101̄0) peak intensity decrement.

The values of the above-described peak intensities are shown for each sam-
ple orientation individually in Fig 4.8. The specific presented values are the
dependences of normalised integrated intensities (i.e., the ratio of areas under
the diffraction peaks of the given, and the first data point where the peak was
clearly detectable above the background radiation, thus representing the initial
state) on the true stress. For each data point, the error bars are also displayed,
although they can not be distinguished in many cases since they are smaller than
the mark of the data point. For easier orientation, the baselines marking the
normalised integrated intensity value of 1 are also provided. In the ND oriented
sample, the peak corresponding to the (101̄0) planes was undetected along the
whole deformation process, hence the absence of corresponding data points.

One can observe that in the samples exhibiting a significant change of the peak
intensities (i.e., 45 and RD), this behaviour onsets around the yield point. The
manner of the normalised integrated intensities change meets the expectation with
the (0002) and (101̄3) intensities increasing and the (101̄0) intensity decreasing
as a result of texture changes caused by the {101̄2} extension twinning.

In both the samples exhibiting notable changes, the peak intensity increase
is more pronounced on the (0002) plane reflections than the (101̄3) ones. The
magnitude of the normalised integrated intensity change, which is proportional
to the relative twinned volume fraction [34], is significantly higher for the RD
sample compared to the 45 oriented one with the difference as high as an order of
magnitude at similar stress levels in the later stages of deformation. The increase
in the integrated intensities in these samples saturates at the true stress values of
189 and 155 MPa, respectively, corresponding to ca. 7.8% of plastic deformation
in both the RD and 45 oriented samples.

The ND sample, oriented unfavourably for the extension twinning under com-
pressive loading, exhibits significantly less pronounced changes in the peak inten-
sities. After reaching its yield point (which is considerably higher than those of
the 45 and RD samples, cf. Tab. 4.1), the intensity of the peak corresponding
to the diffraction on the (101̄3) plane slightly decreases. This being the only
notable change in peak intensities further proves that the {101̄2} < 101̄1 > ex-
tension twinning does not play any major role in the deformation of the ND
oriented samples.
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Figure 4.8: Evolution of the normalised integrated intensities of selected diffrac-
tion peaks during compressive deformation of the a) ND, b) RD and c) 45 oriented
samples

The evolutions of lattice strains with the increase in the true stress are shown
in Fig. 4.9 for all three sample orientations. For each data point, the error bars
are displayed (although in some cases, they are smaller than the marker of the
point). For comparison with the linear dependence of the lattice strains on the
true stress, predicted by the Hooke’s law, dashed lines representing this linear
behaviour are included.

For evaluating lattice strains, the peak positions of the stress-free state of
the material have to be measured. For this purpose, the peak positions mea-
sured in the initial data points, corresponding to the preload of ca. 2 − 3 MPa,
were used. Only the evolutions of the lattice strains corresponding to reflections
with detectable peaks at these low-stress values (and thus providing a reasonable
approximation of stress-free state) were studied.

For the RD sample, only the lattice strains on the (101̄0), (112̄2) and (202̄1)
planes were available for evaluation. The following behaviour can be observed –
the (101̄0) and (202̄1) planes lattice strain approximately follows the theoretical
elastic response line across the range of their peaks detectability. However, the
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Figure 4.9: Evolution of the lattice strains with true stress and their comparison
with linear behaviour predicted by Hooke’s law for the a) ND, b) RD and c) 45
oriented samples

lattice strain on the (112̄2) plane deviates above the linear dependence above ca.
100 MPa.

In the diffraction spectra of the ND sample, only the reflections of the (101̄3)
and (0002) planes were detectable above the background. Their lattice strain evo-
lution follows the theoretical elastic response up to the data point corresponding
to the true stress of 64 MPa. After that, the (101̄3) lattice strain deviates above
the linear dependence, indicating its “soft” orientation, while the (0002) lattice
strain falls below the line of elastic response. Since there is only limited evidence
of the {101̄2} < 101̄1 > extension twinning activity during the deformation of
this sample (cf. Fig. 4.8 c)), the explanation of this phenomena is likely more
complex, cf. section 5.2.

The 45 oriented sample is the only one for which the evolution of lattice strains
of all the planes with reflections within the detector range could be followed. The
most significant deviation from the theoretical elastic response can be observed
in the (0002) plane, which falls below the linear dependence once the macroscopic
yield point is reached. This is an expected behaviour as a result of the {101̄0} −
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{0002} grain reorientation due to extension twinning – the “soft” oriented (101̄0)
grains start to behave plastically, and their lattice strain curve deviates above
the straight line (unfortunately, in this case, its peak ceases to be detectable
rather briefly after the point of deviation). The conjugate lattice strain curve
of the (0002) plane, being the “hard” oriented grain, needing to accommodate a
larger portion of the elastic loading, falls below the straight line [42]. One would
expect the lattice strain evolution of the (101̄3) to exhibit similar behaviour as
the (0002) (following the same line of reasoning); however, that is not the case
here. The deviation of the (112̄2) plane above the theoretical elastic response line
is consistent with its behaviour in the RD oriented sample.

The neutron diffraction experiments were coupled with a concurrent monitor-
ing of the acoustic emission, providing insight into the dynamics of the processes,
the results of which were observed in the sample volume with the neutron diffrac-
tion techniques.

4.4 Acoustic emission
The evolution of the AE events amplitudes with the true strain is shown for all
sample orientations simultaneously in Fig. 4.10. The logarithmic scale is used
in order to improve the differentiability of individual depicted events. For an
illustration of the relative location of AE events and the respective macroscopic
yield points, vertical lines intersecting the true strain axis at the corresponding
values ε0.2 for each sample are also displayed.

Figure 4.10: Dependence of the AE events amplitudes on true strain for all sample
orientations. Vertical lines illustrate the true strain values of macroscopic yield
points of each sample.

The minimal value of the depicted amplitudes is 29 dB because of the thresh-
old eliminating the background noise. The maximal values (for all three sample
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orientations) are attained in the vicinity of the macroscopic yield point and in
the early stages of plastic deformation. The onset peaks are related to the rapid
dislocation multiplication and their avalanche-like movement at the beginning of
plastic deformation and the twin nucleation (if present). The rather abrupt con-
sequent decay of the AE activity is caused by the reduction of the flight path of
dislocation lines due to the increase in the density of immobile dislocations and
exhaustion of the (AE detectable) twinning activity [52, 34].

The different AE signal amplitudes measured for different sample orientations
indicate a difference in the activated deformation mechanisms. The sample ori-
ented favourably for the {101̄2} < 101̄1 > extension twinning (i.e., RD) exhibits
higher AE signal amplitudes than the unfavourably oriented sample (ND) with
the 45 sample behaviour somewhere between these two extremes. This behaviour
is in accordance with the results of other works, such as [52], which concluded that
in Mg single crystals, the activation of slip mechanism led to lower amplitudes of
AE signal compared to the cases where extension twinning was active.

To illustrate the correlation of the AE response and the deformation curves,
the AE count rate dependencies on the true strain are plotted together with the
flow curves in Fig. 4.11 separately for all three different sample orientations. The
presented values of count rates are, in fact, the summed values of count rates
within equidistant strain windows with a fixed with of 0.05% of true strain. For
easier orientation, the yield points are marked on each flow curve.

The presented figures clearly demonstrate the culmination of the AE response
in the vicinity of the macroscopic yield point for all the sample orientations,
followed by a rapid decline. The evolution of the AE count rate for the RD
oriented sample exhibits peak values comparable with the 45 sample; however,
the AE response in the RD sample declines more gradually, eventually falling
below the detectable level around 5% of plastic deformation. In contrast, in the
45 sample, it ceased to be detectable significantly earlier, around 2.5% of plastic
deformation. One can observe a distinct spike in the AE count rate related to the
reloading of the sample after the neutron diffraction spectra were collected at the
true stress value of 110 MPa. All of the samples exhibited a detectable AE signal
long before their macroscopic yield points, this effect being more pronounced in
the RD and 45 samples. The most distinct behaviour was that of the ND sample.
The peak values of the AE count rate were lower compared to the other samples
(by a factor of approximately 3), and the evolution of its values exhibited a more
gradual increase during the elastic region of deformation. This was followed by
a rapid decrease once the maximum values were attained near the macroscopic
yield point.

To investigate the microstructure of the samples undergoing deformation and
thus specify and expand the observations based on the acoustic emission signal
analysis, the in-situ EBSD measurements were performed.
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Figure 4.11: Comparison of the AE count rates and the respective flow curves for
the a) ND, b) RD and c) 45 oriented samples

4.5 In-situ EBSD
The EBSD measurements were performed during the compressive deformation of
the samples inside the specimen chamber of the scanning electron microscope.
At the beginning of each experiment (i.e. after installing the sample to the
deformation machine, its preloading to an initial stress level and adjusting the
whole experimental setup within the microscope chamber), a reference EBSD
map corresponding to the initial state of the sample was acquired.

Subsequentially, a progression of sample loading up to pre-selected stress val-
ues and performing EBSD measurements of the equivalent sample surface area at
these stress levels was performed. The stress values of individual data points were
selected based on the values from deformation tests presented in section 4.2. For
each sample orientation, 3 to 5 data points were chosen so that the data could be
compared with those from the neutron diffraction and high-speed camera imag-
ing experiments. Furthermore, the emphasis was on gaining an insight into the
microstructural evolution in the early stages of plastic deformation and possible
evaluation of twinning activity in this stage. More data points were therefore
measured for the RD and 45 samples compared to the ND one. The data points
(including the ones corresponding to the initial sample states) are listed in Tab.
4.4.
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Table 4.4: True stress (σt) and corresponding true plastic strain values εtp of the
data points selected for the in-situ EBSD measurements for each sample

45 ND RD
Point No. σt [MPa] εtp [%] σt [MPa] εtp [%] σt [MPa] εtp [%]

1 7 0 9 0 11 0
2 77 2.2 163 1.5 77 2.3
3 106 6.2 188 3 102 5.4
4 129 9.5 206 4.6 127 7.9
5 170 14.6 190 12.9
6 230 17.3

4.5.1 Microstructural evolution
To comprehensively illustrate the microstructural evolution during loading, IPF
orientation maps of the samples with given orientation corresponding to increas-
ing stress levels are presented in attached Figs. 6.1, 6.2 and 6.3.

The initial states of all the samples exhibit similar grain size distributions.
They contain no deformation twins (which could potentially originate from the
sample preparation), and, therefore, all of the deformation twinning observed in
the samples originated during the actual loading process. The microstructural
evolution of the sample oriented favourably for the {101̄2} < 101̄1 > extension
twinning, i.e. RD, is shown in Fig. 6.2. The RD sample exhibits a significant
twinning activity in the first plastically deformed state, corresponding to 77 MPa
(ca. 2.3% of plastic deformation and therefore rather briefly after the macroscopic
yield point). This supports the claim that the transition to plastic deformation
in these samples is mediated by twinning. All of the twins visible in Fig. 6.2b)
are those of the {101̄2} < 101̄1 > type (as was confirmed by the reorientation
analysis, cf. subsection 4.5.2) and have nucleated in the grains oriented favourably
to do so (cf. subsection 5.3).

The maps of the states after an increase in the stress level in this sample,
namely 102 and 127 MPa (Figs. 6.2 c) and d)), corresponding to ca. 5.4 and
7.9 % of plastic deformation, respectively, exhibit an increase in the twinned
volume fraction. This is mediated both by further nucleation of twins and also
by the growth of the already nucleated ones. The reorientation analysis of these
sample states revealed only negligible activity of the {101̄1} < 101̄2̄ > contraction
twinning or possible subsequent {101̄1}−{101̄2} double twinning (often observed
in magnesium alloys [64]). The heavily deformed RD sample states, loaded to
190 and namely 230 MPa, then contain areas of low confidence index (visualised
by black colour), located preferentially along the original grain boundaries.

The orientation of the 45 sample also partially favours the {101̄2} < 101̄1 >
extension twinning, which means that a considerable twinning activity during
the deformation can be expected. During the evolution of the microstructure
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with increased load, illustrated in Fig. 6.3, the extension twinning was indeed
observed, albeit less pronounced compared to the RD oriented sample. In the
first examined state after the macroscopic yield point, i.e., after loading to 77
MPa, corresponding to ca. 2.2% of plastic deformation, the {101̄2} < 101̄1 >
twins have not nucleated uniformly. The observed twins tended to aggregate into
bands oriented perpendicularly to the loading direction – an example of such
a twinning band is visible in the bottom right corner of Fig. 6.3 b). During
further loading, the preferred orientation of the twins remained perpendicular
to the loading direction (cf. Figs 6.3 c), d)), although numerous exceptions are
observable. There is a distinct difference in the manner of the twinned volume
fraction increase during the deformation process. Until the state shown in Fig.
6.3 c), corresponding to ca. 6.2% of plastic deformation, the twinned volume
fraction seems to increase preferentially by twin nucleation. In the later stages of
deformation, virtually no further nucleation was detected – instead, the already
nucleated twins tended to grow. Regarding other twinning modes, the reorienta-
tion analysis revealed almost no {101̄1} contraction or {101̄1} − {101̄2} double
twins.

The microstructural evolution of the ND oriented sample within the studied
interval is illustrated in Fig. 6.1. Considering the unfavourable orientation of the
majority of grains for possible activation of extension twinning, this mechanism
was not expected to significantly influence the plastic deformation of this sample.
The macroscopic yielding of this sample is expected to be mediated mainly by
the {112̄2} < 112̄3 > 2nd order pyramidal slip. These expectations were mostly
met – extension twins were observed only in the few favourably oriented grains
out of line with the measured basal texture (cf. Fig. 6.4 b)). The extension twins
observable in 6.4 b) had nucleated before the macroscopic yield point was reached
due to microyielding in the grains oriented favourably to do so. This is related
to the significantly lower value of CRSS for {101̄2} < 101̄1 > extension twinning
compared to that of the {112̄2} < 112̄3 > 2nd order pyramidal slip, which governs
the macroscopic yielding of the sample. Despite the favourable sample orientation
for the activation of the {101̄1} < 101̄2̄ > contraction twinning, very few twins
of this type (as per reorientation analysis) were observed. This can be explained
by the high CRSS value of contraction twinning.

4.5.2 Twinned volume fraction
The twinned volume fraction (TVF) was evaluated using the twin-parent grain
relation calculation performed by the TSL-OIM Analysis 8.0 software. In this
mode, the program automatically detects the defined twin boundaries and assigns
the twin parent or daughter role to sample surface regions enclosed (at least
partially) by this specific boundary, cf. Fig. 6.5. The resulting twinned volume
fraction is then obtained from the ratio of the area corresponding to the twin
daughters to the whole examined sample surface area.

The presented results correspond to all of the studied sample states of the
ND and 45 samples; however, in the case of the RD sample, only the first two
plastically deformed states were evaluated. Beyond these, the microstructure was
too heavily deformed, and the twinned volume fraction analysis has failed. Only
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the twinned volume fraction results corresponding to the {101̄2} < 101̄1 > exten-
sion twinning are presented because the {101̄1} < 101̄2̄ > contraction twins were
so scarce that the results could be significantly skewed by the limited statistical
significance of the examined dataset.

The results are shown in Fig. 4.12 as a dependence of the twinned volume
fraction on the true plastic strain. The RD oriented sample exhibits a rapid
increase in the twinned volume fraction in the early stages of plastic deformation,
reaching 35% at the true plastic strain of 5.4%. In comparison, the TVF increase
in the 45 sample is much more gradual, exhibiting values lower by the factor of ca.
6 at a similar strain level. This, however, enables observation of the TVF increase
even in the later stages of deformation, eventually reaching 12% at the true plastic
strain of 14.6%. The TVF of the extension twinning-wise unfavourably oriented
ND sample saturates on values roughly an order of magnitude lower than those
of the RD oriented one. In the ND sample, the {101̄2} twins have nucleated
only in the few favourably oriented grains (cf. Fig.6.4 b)) and subsequently grew
until saturation by the 3% plastic deformation mark. The 45 oriented sample, in
contrast, exhibits a TVF value increase even in the later stages of deformation.
This leads to the eventual twinned volume fraction in the 45 sample being ca.
four times higher than the ND one despite their similar values at the onset of
plastic deformation.

Figure 4.12: Results of the twinned volume fraction analysis. Overlaying data
points are marked by a combination of their respective colours.

While the in-situ EBSD experiments provide an important qualitative and
quantitative insight into the deformation behaviour of the studied samples, the
nature of this technique does not enable observation of rapid processes – it rather
represents a method of analysis of their results. To observe these rapid processes,
high-speed camera imaging of the deformed sample surface was employed.
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4.6 High-speed camera imaging
The behaviour observed via high-speed camera imaging during the compressive
deformation of the samples is illustrated by figures attached in subsection 6.4.

The initial state of the RD sample, corresponding to the true compressive
stress of ca. 16 MPa, is shown in Fig. 6.6 a). During the subsequent elastic
deformation, no sample surface changes were observed (besides the permanent
defocusing necessitating manual refocusing, which was common to all of the con-
ducted high-speed camera experiments). The first notable microstructural change
was a number of twins nucleating in a localised area at 72 MPa of true compressive
stress. These newly nucleated twins (or rather the points at the twin-lens vertices
– this form of presentation was selected in order to optimise the detectability of
the marked twins whilst avoiding cluttering the figures trying to highlight the
whole twin lenses) are marked with blue dots in Fig.6.6 b). Shortly afterwards,
further bands of twin nucleation were observed, cf. Figs 6.6 c) and d) separated
from the initial appearance of twin nucleation by 0.8 and 1.2 seconds, respectively
(corresponding to less than 1 MPa of stress difference).

The stress level at which the first twin nucleation was observed is in a rea-
sonable agreement with the value of compressive yield stress of the RD samples
presented in Tab. 4.1. This further supports the hypothesis that the yielding of
the samples oriented favourably to do so (such as the RD sample in compression)
is mediated predominantly by the activation of {101̄2} < 101̄1 > extension twin-
ning. The fact that the twin propagation process itself was not detected (which
is, in fact, true for all of the experiments presented in this thesis) is not surprising,
given the very low effective used frame rate, the grain size of the studied mate-
rial and the fact that the twin propagation velocity was recently (experimentally
based) estimated to be tens of ms−1 [30].

The trend of twin nucleation occurring within separated bands perpendicular
to the loading direction and the propagation of these nucleated twin bands along
the loading direction with the increase in load (specifically from the bottom to
the top of the monitored surface area in this case) continued to be observed dur-
ing further loading beyond the macroscopic yield point, cf. Figs 6.7 a) and b),
corresponding to 75 and 81 MPa, respectively. Beyond 103 MPa, corresponding
to ca. 2.4% of plastic deformation and presented in Fig. 6.7 c), further twin
nucleation was not observed. The prevailing trend in this region of plastic defor-
mation was twin growth and also the formation of a relief leading to (and thus
being indicated by) partial defocusation. This phenomenon was again observed
in bands perpendicular to the loading direction, as is illustrated by Fig. 6.7 d),
where only a horizontal band of the sample surface (forming a “valley” in the
relief) remains in focus.

The state of the 45 sample subjected to the true compressive stress of ca.
43 MPa and thus being in the elastic region of the deformation is shown in the
attached Fig. 6.8 a). The first observation of twin nucleation in this sample
was made around the true compressive stress value of 65 MPa and is therefore
in agreement with the experimentally obtained values of true compressive yield
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stress for this sample orientation, cf. Tab. 4.1. Along with the twin nucleation,
a movement of two distinct material bands, in which the nucleation occurred,
oriented perpendicularly to the loading direction, can be observed. The bands
shifted parallel to the loading direction – this phenomenon is illustrated by the
dashed lines outlining the bands and arrows indicating their movement in Fig.
6.8 b).

Throughout the increase of stress from 65 to 73 MPa, multiple other twins
have nucleated. These twins tended to be oriented perpendicularly to the loading
direction but compared to the RD sample (and to a certain extent also to the
nucleation which took place in the 45 sample around the yield point), the collec-
tive band-like character of the nucleation was significantly less pronounced, and
the overall number of nucleated twins was lower. The above-described twins are
indicated in Fig. 6.8 c).

It should be noted that all of the observed twinning activity took place in the
upper half of the monitored sample surface area, whereas the lower half remained
visibly less deformed. The evolution with the increase in load pronounces this
behaviour even more – cf. Fig. 6.8 c) with Figs. 6.8 d) and e), corresponding to
ca. 97 and 121 MPa, respectively. In Fig. 6.8 f), corresponding to the sample state
loaded to ca. 147 MPa, one can observe that the bottom part of the previously
less deformed region exhibits a defocusation also linked to the formation of relief,
leaving an in-focus horizontal band of significantly less deformed and reliefed
material in the bottom half of the figure.

The common factor of the deformation behaviour of the RD and 45 sample
(besides the observed twinning activity) is the band character of deformation
propagation with the bands oriented perpendicularly to the loading direction,
regardless of the differences in the textures of these sample orientations.

The ND sample loaded to 74 MPa (which is well within the elastic region of
deformation for this sample orientation) is shown in the attached Fig. 6.9 a). No
twinning activity was observed around the expected value of compressive yield
stress. However, at the true compressive stress of ca. 180 MPa (and therefore
rather briefly after the macroscopic yield point), boundaries of forming deforma-
tion bands become visible – in Fig. 6.9 b), these boundaries are outlined with
red dashed lines. Three distinct boundaries tilted by ca. 10◦ from the horizontal
direction (and therefore oriented near perpendicularly to the loading direction)
are visible.

With the increase in true compressive stress to ca. 205 MPa, these deformation
bands become more visible due to the higher contrast of the boundaries resulting
from the formation of relief. The curvature of the monitored sample surface area
increases, which leads to defocusation of its edges, namely along the vertical axis,
cf. Fig. 6.9 c). In Fig. 6.9 f), displaying the sample state after loading to
237 MPa (corresponding to ca. 2.2% of plastic deformation), one can observe
pronunciation of the phenomena mentioned above, i.e., distinct boundaries of the
deformation bands, highly reliefed sample surface and heavy defocusation along
the vertical axis. Especially during the preceding ca. 20 MPa of loading, the
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movement of material from the top and bottom of the monitored area towards
its centre was observable, as is illustrated by the sequence of Figs 6.9 d), e) and
f).

The high-speed camera imaging experiments have therefore enabled obser-
vation of the deformation processes dynamics, providing information about the
band character of twin nucleation and the propagation of plastic deformation in
general. It was revealed that, especially in the early stages of plastic deformation,
the deformation is not uniformly distributed within the sample – its localisation
varies across bands oriented perpendicularly to the loading direction. These re-
sults are consistent with previous experiments published in [65].
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5. Discussion

5.1 Deformation behaviour
The deformation curves corresponding to the extension twinning-wise favourable
combinations of sample orientation and loading direction (based on the detected
texture) exhibit a so-called sigmoidal shape, which means that the initial low
value of strain-hardening rate increases with advancing plastic deformation of the
sample and after reaching an inflexion point, the flow curve becomes convex. This
behaviour is indeed typical for deformation mediated by the {101̄2} < 101̄1 >
twinning system [66]. The above-described phenomenon is the most pronounced
for the RD oriented sample deformed in compression and the ND sample deformed
in tension. The flow curve shapes of the 45 oriented samples loaded in both
modes are less distinct, though still exhibiting an inflexion in their deformation
behaviour. In contrast, the samples oriented unfavourably for extension twinning,
i.e., ND in compression and RD in tension, exhibit a distinct convex shape of flow
curves through the whole deformation, which is a commonly observed behaviour
for such oriented samples [67].

5.2 Neutron diffraction and AE data correlation
The distinct peaks of the acoustic emission activity in the vicinity of the yield
points of the respective samples are typically ascribed to the synergic effect of the
sudden increase in dislocation movement, rapid dislocation multiplication and, if
present, nucleation of deformation twinning [34, 42]. The positions of the AE
signal maxima coincide with the onset of the changes in intensities of diffraction
peaks, related to extension twinning and, in the case of the 45 sample (where
these data were available), also with the onset of the non-linear behaviour of their
respective lattice strains. Combined with the comparatively lower peak values of
the AE signal amplitudes and count rates measured for the ND sample, oriented
unfavourably for extension twinning, this shows that the twinning nucleation
represented a major contribution to the AE signal of the RD and 45 samples.
However, to discriminate the AE events originating from twinning and dislocation
slip and thus better grasp their individual contributions to the detected AE signal
is difficult (though possible by statistical analysis of the signal) and beyond the
scope of this thesis.

Muránsky et al. [34] reason the surge in twinning activity around the yield
point by the so-called “autocatalytic” nature of twinning. This term describes
the nucleation of twins in a given grain due to the locally increased stress level
in the grain boundary caused by twins in the neighbouring grain impinging on
it. This then leads to the formation of bands of twins penetrating several grain
boundaries. Such cases are indeed present in the microstructures of the samples
(namely the RD and 45 ones, i.e. the ones exhibiting the most pronounced AE
response), even briefly after their yield points, as can be illustrated by Figs. 6.2
b) and 6.3 b) of the RD and 45 samples compressed to ca. 2.3% and 2.2% of true
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plastic strain, respectively. It is therefore probable that the acoustic emission
signal in these samples was augmented by this phenomenon.

Above the yield point, the AE activity decreases rapidly, which is is caused
by a combination of two factors [42]:

i) The increase in dislocation density caused by the imposed strain leads to a
reduction of the dislocation mean free path, which translates to a decline of
the AE signal due to the proportionality between the dislocation flight path
and the released AE energy [47].

ii) In compression, the twin nucleation is closely followed by a rapid twin growth
[39], which is a process below the resolution of acoustic emission.

The twinned volume fraction keeps increasing even after the AE signal falls be-
low the detection level, as is illustrated by the increase in the respective neutron
diffraction peak intensities, cf. Figs 4.11 and 4.8. The twin growth-mediated
TVF increase in these later stages of plastic deformation, undetected by the AE,
therefore highlights the complementarity of the neutron diffraction and acoustic
emission techniques – while the AE is sensitive only to twin nucleation, the neu-
tron diffraction is sensitive to both nucleation and growth (exhibited by overall
twinned volume) without distinguishing between the two.

One can observe that while the twinning onsets simultaneously in both of the
parent grain orientations available to observation, the rate of increase in diffracted
intensities corresponding to the different twin families differs, cf. Fig. 4.8. For
both the RD and 45 oriented samples, the reorientation rate (diffracted intensities
change as a result of lattice reorientation caused by twinning) is higher for the
{101̄0} − {0002} parent-daughter relation compared to the {112̄0} − {101̄3} one.
This can be explained in terms of the Schmid factor values for the activation
of extension twinning in different parent grain orientations. The SF value for
the {101̄2} < 101̄1 > extension twinning in compression is 0.5 for the {101̄0}
parent grains, whereas for the {112̄0} parent grains it is only 0.39, cf. Fig.
5.1. It, therefore, appears that while the onset of extension twinning in these
grains is not significantly delayed (probably due to the lack of alternative readily
activated deformation mechanisms), the rate with which the twinning proceeds is
determined by the SF values of the parent grains. These results agree with those
obtained by Muránsky et al. for the magnesium ZM20 alloy [34].

The lattice strain evolutions of only three reflections, (101̄0), (112̄2) and
(202̄1), were available for observation in the RD sample (as a result of the initial
hot-rolling texture, cf. Fig. 4.4). The (101̄0) plane lattice strain closely follows
the theoretical elastic response line across the whole range of its detectability.
A deviation above this line, as a consequence of the extension twinning in the
{101̄0} grain family, would be expected; however, that is not the observed be-
haviour (even though the twinning activity in this grain family was ample, as
is evidenced by the evolution of corresponding peak intensities). The other two
planes lattice strains, on the other hand, deviated above the linear dependence,
indicating their soft orientation. In the case of the (112̄2) reflection, this is likely
caused by the slip of basal < a > dislocations due to the high values of SF for
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Figure 5.1: Inverse pole figures of Schmid factors for the a) {101̄2} < 101̄1 >
extension twinning in compression and the b) {0002} < 112̄0 > basal slip, c)
{11̄00} < 112̄0 > prismatic slip and d) {112̄2} < 112̄3 > 2nd order pyramidal slip.
The figures were generated using a modified script, accessible from [68], employing
the MTEX 5.2.8 toolbox of the Mathworks MATLAB R2020a software.

basal slip (0.45) [69]. Considering the (202̄1) planes, the basal slip SF values are
lower (0.28); however, the contribution of the prismatic < a > slip (SF value
of 0.39) and extension twinning (SF value of 0.4) also need to be taken into
account. The deviations from the elastic response took place around the macro-
scopic yield point and, therefore, can not be perceived as a result of microplastic
behaviour. Contrary to this conclusion, the acoustic emission response of the RD
sample loaded within the elastic region was quite pronounced, which is typically
ascribed to the microplastic behaviour of the material [70]. It is possible that, due
to its high sensitivity, the AE technique revealed a microplastic behaviour unde-
tected by the evolution of lattice strains. However, to definitively conclude this,
further, more closely focused experiments would need to be performed, which
unfortunately falls beyond the scope of this thesis.

The diffraction spectra captured during the deformation of the 45 sample al-
lowed tracking of the lattice strain evolution of all of the diffraction peaks within
the angular range of the detector. In this case, the most significant deviation
from the elastic response is that of the (0002) reflection, exhibiting a hard orien-
tation. These orientations, resulting from lattice reorientation during the {101̄2}
twinning, have to accommodate larger portions of load since they are rotated out
of positions favourable for either basal slip, extension twinning itself or prismatic
slip, cf. Fig. 5.1. Its “counterpart”, the parent {101̄0} grains, should therefore
deviate above the elastic response line; however, their diffraction peaks ceased
to be detectable shortly after the macroscopic yield point, and this assumption
thus can not be appropriately verified. The other observable twin daughter grain
family, i.e. {101̄3}, deviates slightly above the elastic response line near the yield
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point and continues to do so across the whole plastic deformation. This is likely
caused by its favourable orientation for the activation of basal slip (SF value is
0.4). As for the (112̄2) plane lattice strain, its deviation above the elastic re-
sponse can be interpreted in terms of basal slip activation similarly to the RD
sample. The lattice strain of the remaining (202̄1) fluctuates near the elastic
response line, and its peaks cease to be detectable shortly after the macroscopic
yield point. Again, no significant evidence of microplasticity (except for two out-
lier points, which, however, do not match further evolutions of their respective
lattice strains and are thus disregarded) was observed based on the lattice strain
evolutions of the 45 sample. Similarly to the RD sample, the AE measurements
revealed significant activity during the elastic deformation of this sample, which
leads to the same argumentation as was presented above.

The lattice strain evolutions of the {101̄3} and (0002) reflections during the
deformation of the ND oriented sample, exhibiting significant deviations from the
theoretical elastic response line, can not be entirely ascribed to the activation of
the {101̄2} extension twinning since the compressive deformation of this sample
exhibited a minimal amount of twinning activity (as was confirmed not only by
the negligible changes of the peak diffracted intensities but also by the EBSD
experiments). The {101̄3} grains are favourably oriented for the easily activated
basal slip, which led to its lattice strain deviation above the elastic response.
This microyielding occurs at stress level near the yield points of the 45 and RD
samples. Since the (0002) grains are not favourably oriented for activation of any
of the deformation mechanisms with comparatively low CRSS values (only for the
< c+a > 2nd order pyramidal slip, cf. Fig. 5.1), they have to accommodate higher
elastic loads, and their lattice strain thus deviates below the elastic response line
at the same stress level. However, the slip of basal < a > dislocations is not
sufficient to meet the von Mises criterion and the activation of other deformation
mechanisms, providing elongation along the < c > axis is necessary. In the
extension twinning-wise unfavourably oriented ND sample, this mechanism is
most likely the 2nd order pyramidal slip. This, therefore, leads to the significantly
higher value of macroscopic yield stress compared to the 45 and RD oriented
samples. The microyielding behaviour, caused by the local basal slip activity,
observed in the lattice strain evolutions also explains the AE activity of the ND
sample (and vice versa), which was recorded long before the macroscopic yield
point was reached (cf. Fig. 4.11). The comparatively lower values of acoustic
emission signal amplitudes reached during this stage of deformation (cf. Fig.
4.10) are consistent with the dislocation slip character (as opposed to yielding of
the RD and 45 samples governed by twinning) of the ND sample microplasticity
[52]. Similar observations of microplastic behaviour based on the combination
of lattice strain deviations and acoustic emission signal were also made by other
authors, e.g. [39].

5.3 Schmid factor analysis
In order to gain a further insight into the character of activated deformation
mechanisms in each sample, the Schmid factors for several respective deformation
mechanisms were analysed based on the measured EBSD data. The mechanisms
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chosen for this analysis were the {0002} < 112̄0 > basal slip, {11̄00} < 112̄0 >
prismatic slip, {112̄2} < 112̄3 > 2nd order pyramidal slip, {101̄2} < 101̄1 >
extension twinning and the {101̄1} < 101̄2̄ > contraction twinning.

The analysis itself was done using a modified script, accessible from [71],
employing the MTEX 5.2.8 toolbox of the Mathworks MATLAB R2020a software.
The evaluated SF distributions of the above-listed deformation mechanisms for
all three sample orientations in their initial states are shown in Fig. 5.2. The
presented figures display the volume fractions corresponding to the specific SF
values for a given deformation mechanism.

Figure 5.2: Distributions of SF for the five examined deformation mechanisms in
the initial states of the a) ND oriented sample, b) RD oriented sample and c) 45
oriented sample

As expected, there is a significant difference regarding the two examined twin-
ning mechanisms. Due to the polar nature of twinning, its Schmid factor values
range from −0.5 to 0.5. Whereas the RD sample is oriented favourably for exten-
sion twinning (its SF distribution weighted average values is 0.36), the 45 sample
exhibits a wide range of grains oriented both favourably and unfavourably for the
activation of the {101̄2} < 101̄1 > extension twinning (cf. Fig. 6.4 c)), yielding a
weighted average SF value of 0.01. The ND sample distribution weighted average
value for extension twinning is −0.19, indicating a strongly unfavourable orien-
tation of most of its grains. In the case of the contraction twinning, it is very
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much the opposite – most of the RD samples grains are oriented so that their
SF values distributions form a distinct peak around the zero value (though offset
very slightly towards the positive values). In contrast, in the ND sample, the
contraction twinning is strongly favoured (with the distribution weighted average
equal to 0.38). The orientation of grains in the 45 sample also favours the acti-
vation of the {101̄1} < 101̄2̄ > contraction twinning, with the weighted average
SF value of 0.29.

As for the slip mechanisms, the most significant differences are observable in
the prismatic slip SF distributions, which, like the extension twinning, favours
namely the RD sample. The 45 sample is favoured significantly less, and the ND
sample grains are oriented quite unfavourably for the prismatic slip activation,
with the weighted average values of the distributions being 0.43, 0.25 and 0.15 for
the respective sample orientations. The SF distributions of the basal slip in the
ND and RD samples are rather broad, yielding weighted average values of 0.31
and 0.25, respectively. In contrast, the basal slip is strongly favoured in the 45
sample (cf. Fig. 5.2 c)), averaging the SF value of 0.4. The 2nd order pyramidal
slip is favoured in all of the studied samples.

The calculated SF values for each grain projected onto the actual sample
grains (for simplicity called “SF maps” further on) in the first plastically deformed
states confirmed that the extension twinning took place in the grains oriented
favourably to do so, cf. the attached Figs. 6.4 a), b) and c). The extensive lattice
reorientation of the RD sample, related to extension twinning affected (besides
the exhaustion of the {101̄2} twinning potential and subsequent increase in the
{101̄1} one) the Schmid factor values for basal and prismatic slip, increasing the
former and decreasing the latter. This can be illustrated by the basal slip SF
map of the RD sample loaded to 77 MPa shown in Fig. 6.4 d), where the twin
daughter SF values are typically higher for the basal slip compared to the values
of the parent grain.

The effect of lattice reorientation on Schmid factor distributions is illustrated
in Fig. 5.3. These distributions correspond to the states after ca. 4.6, 5.4 and
6.2% of plastic deformation of the ND, RD and 45 samples, respectively.

The RD sample exhibits a significant change in the SF distributions of ex-
tension and contraction twinning. Due to the exhaustion of the majority of the
{101̄2} twinning potential, the high SF peak in the corresponding distribution
notably diminishes. At the same time, one can observe a decrease in the area
under the contraction twinning distribution peak near the zero SF value and the
formation of a new peak towards the high SF values. This behaviour can be ex-
plained by the lattice reorientation connected to the extension twinning (with the
daughter rotated by 86.3◦ respective to the parent grain), which leads to an in-
crease in the volume of material with lattice oriented near perpendicularly to the
original grains and thus being in a favourable position for the {101̄1} < 101̄2̄ >
contraction twinning. The fact that the extension and contraction twinning dis-
tributions of the ND sample, which exhibits only a negligible amount of twinning
(and thus related lattice reorientation), show no notable change, is in accordance
with this explanation. The twinning SF distributions remain virtually unaltered
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also in the case of the 45 sample, which does exhibit more pronounced extension
twinning activity compared to the ND sample; however, in this stage of plastic
deformation, the twinned volume fraction of the 45 sample is closer to that of the
ND sample, rather than that of the RD one (cf. Fig. 4.12). This means that the
volume of the reoriented lattice is still quite limited and, therefore, does not lead
to notable changes in the SF distributions.

Figure 5.3: Distributions of SF for the five examined deformation mechanisms in
the a) ND oriented sample loaded to 206 MPa, b) RD oriented sample loaded to
102 MPa and c) 45 oriented sample loaded to 106 MPa

The above-described observations regarding the change in the volume of ma-
terial oriented favourably for basal and prismatic slip resulting from extension
twinning are clearly detectable in their respective SF distributions of the RD
sample. In the case of the basal slip, the weighted average value of its SF distri-
bution increases from 0.25 to 0.31. On the other hand, the prismatic slip distri-
bution shifts towards lower SF values – the weighted average decreases from 0.43
to 0.28 in the RD sample. As expected, the basal and prismatic SF distributions
of the ND and 45 samples remain virtually unaltered. The remaining studied SF
distribution, i.e., that of the 2nd order pyramidal slip, remains unchanged (and
very favourable for the activation of this mechanism) across the studied range for
all sample orientations.
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To conclude, the Schmid factor analysis confirmed that the activation of the
{101̄2} < 101̄1 > extension twinning is closely related to the SF value of each
sample grain. The lattice reorientation caused by twinning then leads to an in-
crease in the basal slip SF distribution values, providing another readily activated
mechanism, enabling further strain accommodation. This result is in agreement
with the expected behaviour [21, 24]. The analysis further confirmed that the
45 sample is preferentially oriented for the basal slip. The extension twinning
then provides the elongation along the < c > axis necessary to sustain plastic
deformation. Even though both of these samples are strongly favourably oriented
for the activation of the 2nd order pyramidal slip, its activation is expected only
in the later stages of the plastic deformation due to the comparatively high CRSS
values compared to those of basal slip and extension twinning. The ND sample
orientation, on the other hand, was found to significantly favour only the 2nd

order pyramidal slip and {101̄1} < 101̄2̄ > contraction twinning. Since virtually
no contraction twins were observed, the macroscopic yielding of the ND sam-
ple is likely mediated by the 2nd order pyramidal slip, which also explains the
significantly higher compressive yield stress values of the ND oriented samples
compared to the RD and 45 ones.

5.4 Microstructural evolution and TVF
The EBSD microstructural observations of the loaded 45 sample have provided
an insight into the dynamics of twin nucleation and growth. There was a rather
small number of twinned grains observable in the state corresponding to ca. 2.2
% of plastic deformation (cf. Fig. 6.3 b), many of which contained more than one
twin. The next examined state, corresponding to ca. 6.2 % of plastic deformation
exhibited numerous grains which have undergone further twin nucleation, while
the previously nucleated twins tended to grow. Beyond this point, virtually no
further nucleations were sighted, and the twinned volume fraction increased via
twin growth. This evolution agrees with the acoustic emission response of the 45
sample, which exhibited a rapid decline of AE count rate below the detectable
level within the interval delimited by these two strain levels. Therefore, this rapid
decline can be ascribed to the exhaustion of twin nucleation potential (coupled
with the reduction of the dislocation mean free path, caused by the increased
density of dislocations and twin boundaries).

Analogous reasoning can likely be applied to explain the similar (albeit more
gradual) decrease in the AE activity of the RD sample. However, due to the
extensive {101̄2} twinning activity in this sample, it is impossible to differentiate
between twin nucleation and growth from the EBSD microstructural observations
as clearly as in the 45 sample.

Due to the above-mentioned complexity of the quantitative analysis of the
deformed RD sample microstructure, the EBSD-based twinned volume fraction
analysis provides only two data points, corresponding to 2.3 and 5.4% of plastic
deformation, which indicate a rapid TVF increase. The evolution of the nor-
malised integrated intensities of the twinning-related neutron diffraction peaks
suggests that the twinned volume fraction continues to increase even beyond this
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level of strain. However, the rate of the increase diminishes and at the 7.8%
plastic strain mark, the TVF level is saturated, cf. Fig. 4.8 b).

The comparison of the peak integrated intensities evolution of the 45 sample,
presented in Fig. 4.8 c), with the EBSD-based twinned volume fraction analysis
(Fig. 4.12), shows that the results are in a good qualitative agreement. The
gradual TVF increase reaches significantly lower values than the RD sample and
saturates at ca. 12% of plastic deformation. However, to conduct a more thorough
comparison of the results obtained by these methods (and thus possibly study the
influence of sample surface versus bulk on the twinning behaviour), higher data
point density and, namely, the quantification of the neutron diffraction-based
twinned volume fraction data would be necessary. This, however, exceeds the
scope of this thesis.

5.5 Symmetry within the sheet plane
The detected texture strongly resembles that of the hot-rolled magnesium alloy,
cf. Figs. 4.4 and 1.10, which is caused by the specific temperature profile used in
the preparation of the investigated material. This means that the distributions
of the {101̄0} and {112̄0} poles within the sheet plane are random. The three
sample orientations, RD, ND and 45◦ between RD and ND, have therefore been
selected to study the role of sample orientation with respect to the {0001} poles
and the role of orientation within the RD × TD plane was not taken into account
in this choice. However, to experimentally verify the assumption of uniform me-
chanical behaviour regardless of the rotation around the ND axis within the sheet
plane, a control group of samples was machined and subjected to the same testing
procedures. The orientation of these samples was selected to be 30◦ between RD
and TD (further on denoted as 30 for simplicity) in order to avoid the possible
effect of the hcp unit cell six-fold symmetry around the c-axis (leading to the
six-fold symmetry of the {101̄0} poles in the warm-rolled texture of AZ31 alloys).

The deformation curves of the RD and 30 oriented samples exhibit very similar
behaviour in both compression and tension. The compressive deformation curves
have the sigmoidal shape typical for extensive activation of the {101̄2} < 101̄1 >
twinning system [66]. In contrast, the tensile curves exhibit ca. double values
of yield stress compared to compression and remain convex during the whole
deformation process, cf. Fig. 5.4 a). The compressive and tensile yield stress
values of the two sample orientations are the same within the experimental error.

Although the mechanical behaviour of the RD and 30 samples display very lit-
tle difference, the results of their {101̄2} twinning-related peak intensities changes
vary quite significantly. The qualitative character of the respective evolutions is
the same – the onset of the changes matches the macroscopic yield points, the
rate of intensity changes follows the SF values of the individual parent grains,
and the phenomenon saturates at similar stress levels. However, the normalised
integrated intensities of both the {0002} and {101̄3} peaks saturate at lower val-
ues (by a factor of approximately 2.5) for the 30 sample compared to the RD one,
which indicates that the overall twinned volume fraction is lower in the 30 sample
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than in the RD. However, the neutron diffraction intensity change results do not
agree with the twinned volume fraction analysis based on the EBSD twinning
parent-daughter maps, cf. Figs. 5.4 b) and c), where both the 30 and RD sample
exhibit a similarly rapid increase in areas corresponding to the {101̄2} extension
twins.

Figure 5.4: Comparison of the a) compressive and tensile deformation curves,
b) normalised integrated intensities of selected diffraction peaks, c) EBSD-based
twinned volume fraction analysis and d) distributions of SF for several deforma-
tion mechanisms of the RD and 30 oriented samples. The SF distributions of the
RD sample in d) are marked by full lines and those of the 30 sample by dotted
lines; the colour legend is the same for both samples.

To decisively conclude whether this dissent genuinely originates from the ma-
terial behaviour or if it is merely a result of inaccuracy of the employed tech-
niques and data processing, more measurements would have to be performed.
This, however, falls beyond the extend of this thesis. The comparison of the SF
distributions of the RD and 30 sample, presented in Fig. 5.4 d), then confirms the
expected similarity of the two samples – they are both oriented favourably namely
for the activation of {101̄2} < 101̄1 > extension twinning, which is believed to
govern their macroscopic yielding during the compressive deformation, and also
for the activation of the {11̄00} < 112̄0 > prismatic and {112̄2} < 112̄3 > 2nd

order pyramidal slip. However, the CRSS values of these two slip systems are
significantly higher than that of the extension twinning, meaning they can be
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expected to play important roles only in the later stages of plastic deformation
of these samples.

5.6 Deformation bands
The band-like character of twin nucleation around the yield point, advancing
through the sample in the loading direction, which was observed by the high-speed
camera during the deformation of the RD sample (and to a certain extent also of
the 45 oriented one), was also observed during the in-situ EBSD measurements
of the 45 oriented sample. A clear example of such deformation bands formed
perpendicularly to the loading direction is visible in Fig. 5.5, displaying a SEM
secondary electron image of the 45 sample surface after loading to 106 MPa (ca.
6.2% of plastic strain). Such behaviour is generally consistent with the Lüders
phenomenon. However, the defining behaviour of the Lüders phenomenon, i.e.,
the presence of a plateau in the stress-strain curve following yielding, was not
observed.

Figure 5.5: Deformation bands formed during loading of the 45 sample. The
sample was compressed in the horizontal direction.

Barnett et al. made similar observations in the study [72], which focused on
the influence of grain size of an extruded magnesium AZ31 alloy on the magni-
tude of the Lüders strain. Due to the extrusion texture, the Lüders phenomenon,
observed during uniaxial compression along the extrusion direction, was linked to
yielding mediated by extension twinning. The authors observed no yield plateau
on the stress-strain curve of a coarse-grained sample (with an average grain di-
ameter of 55 µm), whereas, for samples with grain sizes of 15 µm and lower, yield
plateaus were observed. However, the microstructure of the coarse-grained sam-
ple exhibited a significant population of twins, propagating from the sample edges
in the loading direction as the load increased. The authors reason this behaviour
as follows [72, 73]:
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i) The presence of friction and possible irregularities in sample dimensions leads
to higher values of stress at the contact of the sample and the platens, causing
an earlier formation of extension twins on the sample edges as a result of
material yielding.

ii) Further formation of extension twins does not result from the necessity for
stress relaxation caused by twin formation in a neighbouring grain. This is
the presumed mechanism of Lüders band propagation (leading to the stress-
plateau formation, since no increase in stress is necessary to further accom-
modate the strain).

iii) Instead, to form these additional twins (and thus accommodate the imposed
strain), an increase in stress is necessary for new “sources” in the grain
boundaries to be activated.

iv) The requirement for Lüders elongation, i.e., a yield plateau in the stress-
strain curve, is, therefore, not met.

The same line of reasoning can be used to explain the behaviour observed
by the high-speed camera during the compressive deformation of the RD and 45
samples and the absence of Lüders elongation (considering the average grain size
of the studied material is 31 µm). On the other hand, the ND sample exhibits no
observable twinning due to its yielding being mediated by slip mechanisms.

It is, however, true for all of the studied sample orientations that rather sig-
nificant inhomogeneities of plastic deformation were observed. It is quite possible
that the deformation would be more uniform should another sample geometry
be used (e.g., cylindrical samples, such that were employed in the above men-
tioned study [72]); however, experiments comparing these influences fall beyond
the scope of this study.

The influence of such inhomogeneities could potentially skew the results ob-
tained by local methods, such as the in-situ EBSD (especially if several different
samples or surface areas are not examined). On the other hand, the “bulk”
methods, averaging data from the whole sample volume (such as the neutron
diffraction), should not be severely affected by possible inhomogeneities of the
plastic behaviour. This fact, therefore, needs to be taken into question when an
experiment aiming to comprehensively investigate the deformation behaviour of
any given material is devised.
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Conclusion
In the present work, the correlation between texture and the activity of deforma-
tion mechanisms in a rolled magnesium AZ31 alloy was investigated, using a com-
bination of advanced in-situ experimental techniques, including neutron diffrac-
tion, acoustic emission, electron backscatter diffraction and high-speed camera
imaging.

The most important results of this investigation can be summarised as follows:
• The detected texture of the AZ31 magnesium sheet has exhibited the typical

features of the hot-rolled magnesium alloy textures. The experiments pre-
sented in this thesis have proven the crucial role of sample orientation with
respect to the {0001} poles on mechanical behaviour. The independence
of sample behaviour on its orientation within the sheet plane, suggested by
the detected texture, was also experimentally verified.

• A combination of direct and indirect observations has confirmed that the
macroscopic yielding during compressive deformation of the RD and 45
samples was mediated by the extension twinning, while in the ND oriented
sample, the yielding was mediated by the 2nd order pyramidal slip. This
difference was, among other aspects, manifested by more than double values
of compressive yield stress observed for the ND sample compared to those
of the RD and 45 samples, which were very similar to each other.

• A consistent link between the AE response, neutron diffraction changes
of diffracted intensities and EBSD-based observations of microstructural
changes, describing the evolution of twinning in the RD and 45 samples,
was found.

• The twinned volume fraction was analysed utilising the neutron diffraction
and in-situ EBSD measurements. In accordance with the AE response, it
was confirmed that the rapid TVF increase in the early stages of plastic
deformation could be ascribed to twin nucleation. The increase caused by
twin growth, on the other hand, is more gradual and does not produce a
detectable AE signal.

• While the activity of the {101̄2} extension twinning was ample in the RD
and 45 samples and observable in the ND sample as well, virtually no {101̄1}
contraction or {101̄1} − {101̄2} double twinning was observed in any of the
studied samples.

• The microplastic behaviour of the ND sample was observed both by acous-
tic emission and neutron diffraction techniques. The AE signal suggested
similar behaviour also in the 45 and RD samples. However, this was not
confirmed by the neutron diffraction-based lattice strain analysis.

• Formation of deformation bands, oriented perpendicularly to the loading
direction, was observed during the compressive loading of the samples. Such
inhomogeneities may lead to skewed results when only local experimental
techniques are employed.
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Future prospects
The obtained results demonstrate the great promise of employing mutually com-
plementary in-situ methods to analyse the deformation behaviour of metals. Sev-
eral areas could be the subject of future research to provide answers for the re-
maining open questions. The following research options may be of particular
interest:

• Quantification of the twinned volume fraction from the neutron diffraction
experiments (similarly to, e.g. [74]), allowing the comparison with results
obtained from the EBSD data, and discussion of the role of sample surface
versus bulk on the twinning behaviour.

• Application of a spectrum-based analysis of the acoustic emission signal
(such as the adaptive sequential k−means procedure [55]), enabling the
differentiation of different AE signal sources and thus providing further
insight into the role of individual deformation mechanisms.

• Utilising the digital image correlation (DIC) technique to study the het-
erogeneities during deformation of polycrystalline materials (such as the
deformation bands observed in this thesis), arising from incompatibilities
between grains. Such a DIC-based study was recently performed on the
AZ31 magnesium alloy by Orozco-Caballero et al. [75].

• Investigation of the role of local microstructure on the activation of dif-
ferent deformation modes by employing the EBSD-assisted trace analysis
during the in-situ SEM testing. An example of such a study, performed on
magnesium single crystals, is the work of Cepeda-Jiménez et al. [76].
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6. Attachments

6.1 IPF orientation maps

Figure 6.1: IPF orientation maps of the ND oriented sample, corresponding to a)
the initial state, i.e., preloaded to 9 MPa, b) the state after loading to 163 MPa,
c) the state after loading to 188 MPa and d) the state after loading to 206 MPa.
The colour legend shown in a) is the same for all of the figures. The sample was
compressed in the horizontal direction.
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Figure 6.2: IPF orientation maps of the RD oriented sample, corresponding to a)
the initial state, i.e., preloaded to 11 MPa, b) the state after loading to 77 MPa,
c) the state after loading to 102 MPa, d) the state after loading to 127 MPa, e)
the state after loading to 190 MPa and f) the state after loading to 230 MPa.
The colour legend shown in a) is the same for all of the figures. The sample was
compressed in the horizontal direction.
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Figure 6.3: IPF orientation maps of the 45 oriented sample, corresponding to a)
the initial state, i.e., preloaded to 7 MPa, b) the state after loading to 77 MPa,
c) the state after loading to 106 MPa, d) the state after loading to 129 MPa and
e) the state after loading to 170 MPa. The colour legend shown in a) is the same
for all of the figures. The sample was compressed in the horizontal direction.
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6.2 Schmid factor maps

Figure 6.4: Schmid factor maps for a) extension twinning in the RD sample
loaded to 77 MPa, b) extension twinning in the ND sample loaded to 163 MPa,
c) extension twinning in the 45 sample loaded to 77 MPa and d) basal slip in the
RD sample loaded to 77 MPa. The displayed values correspond to compression
in the horizontal direction.
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6.3 Twin parent-daughter maps

Figure 6.5: Twin parent-daughter relation maps of the a) 45 sample loaded to 77
MPa, b) 45 sample loaded to 106 MPa, c) ND sample loaded to 163 MPa, d) ND
sample loaded to 206 MPa, e) RD sample loaded to 77 MPa and f) RD sample
loaded to 102 MPa. Blue areas correspond to twin parents, red areas to twin
daughters and white areas to untwinned grains. The samples were compressed in
the horizontal direction.
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6.4 High-speed camera images

Figure 6.6: High-speed camera images of the RD sample depicting a) the sample
initial state, i.e., preloaded to ca. 16 MPa, b) the sample loaded to 72 MPa
with the first nucleated twins indicated by blue markers, c) the sample loaded to
73 MPa with the newly nucleated twins indicated by green markers and d) the
sample loaded to 73 MPa with a band of newly nucleated twins indicated by red
markers. The sample was compressed in the vertical direction.

82



Figure 6.7: High-speed camera images of the RD sample depicting a) the sample
loaded to 75 MPa with the newly nucleated twins indicated by purple markers, b)
the sample loaded to 81 MPa with the newly nucleated twins indicated by cyan
markers, c) the sample loaded to 103 MPa and d) the sample loaded to ca. 165
MPa. The sample was compressed in the vertical direction.
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Figure 6.8: High-speed camera images of the 45 sample depicting a) the sample
state in the elastic region loaded to 43 MPa, b) the sample loaded to 65 MPa
with the newly nucleated twins indicated by red markers and indicated material
movement by red lines and arrows, c) the sample loaded to 73 MPa with the
newly nucleated twins indicated by green markers, d) the sample loaded to 97
MPa, e) the sample loaded to 121 MPa and f) the sample loaded to 147 MPa.
The sample was compressed in the vertical direction.
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Figure 6.9: High-speed camera images of the ND sample depicting a) the sample
state in the elastic region loaded to 73 MPa, b) the sample loaded to 178 MPa with
the boundaries of deformation bands marked by red dashed lines, c) the sample
loaded to 204 MPa, d) the sample loaded to 218 MPa, e) the sample loaded to
228 MPa and f) the sample loaded to 236 MPa. The sample was compressed in
the vertical direction.
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