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SUMMARY

The metallic alloys employed in oxidizing envirormheat high temperature rely on the
development of a protective oxide scale to sugteriong-term aggressive exposition. However,
the oxide scale growth is most of the time coupldith stress and morphological developments
limiting its lifetime and then jeopardizing the raic component reliability. In this study, a
mechanism of local stress effect on the oxidatiometics at the metal/oxide interface is
investigated. The objective is to improve the ustierding on the possible interactions between
stress generation and non-uniform oxide scale drowhich might result in a precipitated
mechanical failure of the system. Two differentdied are studied, alumina and chromia, in two
different industrial systems, thermal barrier cogsi and solid oxide fuel cell interconnects. A
specific thermodynamic treatment of local oxide gghgrowth coupled with stress generation is
developed. The formulation is completed with a mmeanological macroscopic framework and a
numerical simulation tool is developed allowing fealistic analyses. Two practical situations
are simulated and analyzed, concerning an SOFQcarieect and a thermal barrier coating
system, for which oxide scale growth and associatezts and morphological developments are
critical. The consequence of the non-uniform oxiglewth on the system resistance to
mechanical failure is investigated. Finally, thdluances of material-related properties are
studied, providing optimization directions for tesign of metallic alloys which would improve

the mechanical lifetime of the considered systems.
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CHAPTER 1

INTRODUCTION

1.1 Motivation and objective

Oxidation resistant metallic alloys are increagmgmployed in industrial systems
operating at moderately high temperatures (600200C), because they have lower
fabrication cost and better formability than thaditionally used ceramic compounds.
Nevertheless in common cases, the metallic allsgx®sed directly or indirectly to an
oxidizing atmosphere (characterized by the presaricexygen), and an oxide scale
inevitably develops at the exposed surface. Thecjplie of oxidation-resistant metallic
alloys is that their composition is designed sa@produce a protective oxide scale,
typically constituted of alumina or chromia, exhifg very low permeability to the
oxidation reactants, thus limiting as it grows theher extent of the process.

Investigations, mainly experimental, have been ootetl for several decades to
identify alloy compositions that will optimize ox@dscales, to understand the processes of
oxide scale development and to understand the ibatitms of alloy constituents and
operating conditions and environments (Padture| &ehl. 2002; Fergus 2005; Evans,
Clarke et al. 2008; Yang 2008). Great progressbessn achieved, but many questions
remain and the lifetime of metal/oxide systemsl sideds to be improved. Stress
development and resulting phenomena, such as onackeation and oxide scale
delamination, are among the most critical issusastihg the lifetime of oxide/metal

systems operating at high temperatures {Evans, 22@8}Liu, 2009 #367}.



Several processes might contribute to stress geoerand various mechanisms can
take place for stress relaxation. The resultinga#f have been shown to lead in certain
cases to stresses up to several gigapascals|avgédeformations of the oxide scale and
the interfacial region of the metallic alloy. Batituations are detrimental to the oxide
scale lifetime and usually result in mechanicaufa at mid term. For systems of major
industrial interest, such as thermal barrier caatiTBC) for aircraft engines or power
generation turbines, or interconnects for soliddexiuel cells (SOFC), no consensus has
been reached on the precise mechanisms limitingnieehanical lifetime and their
respective contributions. The role of minor elerseint the metallic alloy composition
also needs to be elucidated. Indeed, the addmignimor proportions of certain elements
has demonstrated dramatic effects on oxide scalel@@ment, particularly in terms of
growth kinetics, morphology and microstructure,wadl as on stress generation. These
effects can lead to significant improvement in comgnt lifetime. Due to the local,
complex and evolving nature of the materials arat@sses, further lifetime optimization
through extensive experiments is uncertain. Thasetlis an increasing need for models
and simulation tools that will allow for a betterderstanding of the key mechanisms and
associated materials properties. Further, such Imosieould allow users to predict
metal/oxide systems evolution and to optimize thetatlic alloy composition through a
material-by-design approach.

The primary objective of this work was to developm@del and an associated
simulation tool in order to investigate the couglimetween oxide scale growth and stress
and/or large morphological developments, along whth influence of the metallic alloy

properties. The study focuses more particularlyh@noxide scale/metallic alloy interface



evolution. The idea developed is that high stresgethe constrained phase boundary
might locally modify the oxidation kinetics, indagj a non-uniform growth of the oxide
scale. The resulting irregular geometry is veryridegntal to the system resistance to
failure. Indeed, it might lead to high stress caoniion, particularly upon cooling due to

the thermal mismatch between the metallic substiadkethe oxide layer.

1.2 Document organization

This first chapter provides a comprehensive revadwhe phenomenon of oxide
scale growth and its modeling, with an emphasistoess development and mechanical
failure mechanisms. Over this study, a focus is enand two different oxides, alumina
and chromia, which develop in two different consadk industrial systems, thermal
barrier coatings and solid oxide fuel cell metalliterconnects. The review lead us to
investigate a possible mechanism of stress-induceglular morphological development
in growing oxide scales at high temperature. A gpetormulation is derived in the
second chapter. It describes through a continuwenmbdynamics approach a stress-
affected local oxide phase propagation by direal@ton of the metallic substrate at the
metal/oxide interface. The local formulation of ess-affected oxidation is then
completed with a phenomenological macroscopic fi@onk, and a numerical tool is
developed allowing for the analysis of complex saddese contributions are presented
in the third chapter.

Finally, the fourth chapter provides two investigas on practical situations in
which oxide scale growth and associated stressnamgbhological developments are

critical to the material system’s lifetime. Thesfirone considers the growth at high



temperature of an oxide scale over a ferritic steeSOFC interconnect, and the second
treats the oxidation of a thermal barrier coatiogstituted of a nickel-aluminum bond
coat covered by an yttria-stabilized zirconia layére associated situations present many
similarities, but they interestingly differ since ithe first one a chromia layer is
developed from a flat surface at moderate temperdttB0O0°C) while in the second an

alumina scale forms at a convoluted interface ghér temperature (~1100°C).

1.3 Theissue of high temperature oxidation in studied industrial systems

A brief description of the industrial systems sadland the problem caused by high
temperature oxidation is here given. Originally tpeoject focused on metallic
interconnects for solid oxide fuel cells. It hasebenlarged to thermal barrier coatings
which face similar problems and on which much nmeitglies have been performed and

are available in the literature.

1.3.1 Metallicinterconnectsin Solid Oxide Fuel Cédlls

Concerns about the dependence on fossil fuels anmdsen pollutions have
stimulated a growing interest in cleaner and mdfieient alternative energy sources.
Solid oxide fuel cells (SOFC) are one of theseradteves because of their high
conversion efficiency, a combustion free operatiefeasing optimally no undesired
byproducts, and a producible fuel: hydrogen. Eveugh the technology has reached a
reasonable maturity, cost and reliability still sttute major concerns preventing its

massive adoption.



In addition to electrolyte, cathode and anode, fogra unit cell, an actual SOFC
typically requires another component, namely, thérconnect. Interconnects are
conducting layers placed next to each electrodeshasvn in Figure 1.1 for a planar
SOFC stack (Yang, Weil et al. 2003). Their prim&mction is to collect the current
from the electrodes but structure-wise, they alswes as air and fuel channels. The
voltage delivered by a single cell being quite tedi (typically less than 1V), a practical
power generation device must be constituted ofeksof fuel cells mounted in series.
Interconnects are then required to electricallynsmh two consecutive cells, and also to
provide supply conducts of air and fuel for theaaént electrodes, while forming an
impermeable layer for oxygen in order to mainthie 6xygen gradient through each cell.
Therefore, interconnects must be good electricaidaotors with very low ionic
conductivity. In addition, the interconnect maternaust be chemically compatible with
all the other cell materials, as well as be stableboth oxidizing and reducing
environments at high temperature (~ 1000°C). Inited interconnect materials must
present thermal expansion that matches with thdsether cell materials in order to
minimize residual stresses, and they must presaigharesistance to thermomechanical
fatigue for long term reliability. The chemical oti@an at the cathode side being largely
exothermic (it releases heat), a high thermal cotidty is also desired in order to limit
the increase of temperature gradients. High theamadluctivity would also be beneficial
in promoting endothermic reforming reactions (desation of di-hydrogen from methane

for instance) at the anode side.
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Figure 1.1: Expanded schematic of a planar SOFR&k sta

In order to exhibit these stringent properties, plax ceramic compounds have been
developed, such as rare earth element-doped cle®nfior instance Lanthanum
chromite, (LaCr@)). But these ceramic interconnects are expensnck difficult to
fabricate. Recent advances in fuel cell materiad structures (e.g. anode-supported
SOFC) have allowed the operational temperaturetiowered to around 800°C. At such
intermediated temperatures, resistant metallic nadde can be considered for
interconnects. This evolution is very attractiveyirg to their lower materials and
fabrication costs, easier fabrication and bettectelkcal and thermal conductivity. The
major drawback of metallic interconnects is comasi unavoidable in the SOFC
environment. An oxide layer forms on exposed s@daand interfaces, resulting with
time in the development of a large electrical tesise and the degradation of the
mechanical integrity of the component. Figure 1lrEspnts cross-sectional scanning

electron micrographs (SEM) of oxide scales growdifferent conditions representative



of SOFC cathode and anode channel atmospheres €Mék and Linderoth 2003). In
order to meet the goals for SOFC practical lifetimes essential to limit and optimize
the growth of the oxide scale. Alloys considered ifderconnect materials are mostly
nickel-based, chromium-based or iron-based. Fersteels are the most attractive
metallic interconnect materials for SOFC (e.g. €réf2 APU by ThyssenKrupp), owing
to their limited thermal expansion, high ductiligood workability and low cost (Yang,
Weil et al. 2003). Although alumina (ADs) is a more protective oxide, a chromia
(Cr,03) scale is preferred in interconnect applicatioesduse it is a good electrical
conductor. Therefore a high Cr content (close avat?20%) is introduced in the metallic

alloy composition in order to promote the developtra this oxide.
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Figure 1.2: Cross-sectional SEMs of oxide scalesvgrfor 70 hours at 900°C on a Fe-
22Cr alloy in different SOFC environments,(B8,/H,0).

1.3.2 Thermal barrier coatingsin enginesand turbines

Concerns about reducing costs and pollutant enmisb@ve also stimulated the

development of more efficient and cleaner aircexfgines and industrial gas turbines



used for power generation. The thermodynamic eificy of these devices strongly relies
on the maximum internal temperature. Therefore,igh Hunctioning temperature is
desired in order to limit fuel consumption, butstalso beneficial in reducing pollutant
emissions (byproducts of combustion whose amountredses with increasing
temperature). However, the sustainability of theidtiral metallic materials to high
temperatures limits the operating range. Therefspecific high-temperature metallic
alloys and coatings have been developed. Thedahhological evolution is the use of
thermal barrier coatings (TBC), on turbine bladesmbustor cans, ducting and nozzle
guide vanes, which have allowed operating tempestinigher than 1100°C to be
reached. A thermal barrier coating must exhibiteayMow thermal conductivity, such
that a thin layer (a typical thickness is of theesrof 100um) bears a high temperature
gradient which results in the metallic substrated@pexposed to a significantly reduced
temperature. It must also present a high resistatwe thermal shock and
thermomechanical fatigue, as well as possible nmecabhimpacts. The most commonly
employed TBC material is yttria stabilized zirco(¥5Z), generally deposited by plasma
spraying or electron beam physical vapor deposifiei-PVD) processes. The metallic
substrate material (generally a nickel or cobafiesalloy) is usually pre-coated with a
soft aluminium-containing bond-coat (NiPtAl or MAMAfor instance, M designating the
substrate metal, Ni or Co). The role of this boodtds to accommodate residual stresses
that might otherwise develop due to the signifisardifferent thermal expansion
behaviors of the metallic substrate and the cerall€. A cross-sectional scanning

electron micrograph (SEM) of a TBC material systershown on Figure 1.3, along with



a schematic presenting the environment and thedetye gradient induced by the TBC

(Padture, Gell et al. 2002).
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Figure 1.3: Cross-sectional SEM of an EB-PVD TB6&teyn, superimposed onto a
schematic diagram showing the temperature gradidnted by the coating.

However, the thermal barrier coating layer is naitgctive against oxidation, and
consequently the bond coat oxidizes under operatimgditions. A high aluminium
content is introduced at the metallic substratéaserand in the bond coat in order to
promote the development of a highly protective aharlayer, usually named thermally
grown oxide (TGO) to differentiate it from the iiaily deposited oxide coating.
Nevertheless, the growth of this oxide scale indueege deformations and eventually
leads to the delamination and failure of the caatiA cross-section SEM of the
TBC/bond coat interface region is presented in leidu4. Again, it is essential to limit
and optimize the development of the oxide scal@ruter to increase the lifetime of

thermal barrier coatings.



Figure 1.4: Cross-sectional SEM of the bond cG&C interface region, showing the
developed oxide layer and resulting damages.

1.4 Review on high temper atur e oxidation

1.4.1 Thermodynamics of oxidation

Oxides are the stable states of metals in eartbsgghere. Therefore metal oxidation
is a natural process working towards this stalfieason. It globally results from the
association of dioxygen molecules present in theoaphere with metal atoms to form an

oxide compound. The general chemical reaction eattelscribed by:

M +0, = MO, (1.1)

where M represents the metal species, O the oxggdnM,O, the oxide. The forward
reaction corresponding to the oxide formation extimodynamically very favorable, since
the corresponding standard free eney§s’, is typically very negative (the oxidation

reactions are therefore very exothermal, i.e. fledgase heatG° is about -550 KJ per
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mole of Q for chromia at 800°C and around -800 for alumina1®0°C (Birks, Meier et

al. 2006)). Under varying conditions of temperatarel oxygen partial pressure, and
even more if an alloy including different metalpecies is considered, several different
oxides might be likely to form. Reaction thermodynes predicts that the most stable
oxide should form, i.e. the one whose free eneffgipmnation is the lowest (highest in

magnitude since they are negative). Stability nfapsxides under varying environments
are used to predict the main oxide phase thatdewelop. The molar Gibbs free energy

of the oxidation reaction, equation (1.1), is gilmsn

0G,, o, =AGY o, + ROIN(R) (12)

where AGy, . is the standard molar free enthalpy of reactiBnis the molar gas

constant, is the temperature an, is the dioxygen partial pressure to be given in

atmospheres (the reference pressure). The oxidegamtion occurs if it releases energy:

AG,, ,, <0. From the above equation this gives:

AGS . <-RIIN(R) (1.3)

The Ellingham diagram provides the standard frabadpy of oxide formation for a

given temperature range. The data is representedibg obtained from:

AG; o, =AHy o, + 0S50, (1.4)

where Hy,  is the molar free enthalpy arfff, , is the entropy of reaction, both data

being experimentally measured. Then for a giverxydien partial pressure, the line

11



-RAIn(R,) can be drawn on the diagram, and its interseagioes the equilibrium

temperature of the oxidation reaction. At lower pemature,AG;;noz <-RfIn(R,) and

the oxide phase is stable. In contrast, at higtreperatures the metal phase is stable. In a
reverse way, the diagram allows us to obtain thalibgum partial dioxygen pressure
(commonly called dissociation pressure for the exidr a given temperature.

The Ellingham diagrams rely on several assumptiotfeermodynamic equilibrium,
pure metal phases (activity equal to one), actigitythe dioxygen equal to its partial
pressure, linear dependency of the standard Gibbsyg with temperature — but they
have been proven very useful and are commonly wespredict the oxide phase that will
develop under a given environment. For given teatpee and oxygen partial pressure,
representing a point on the diagram, the oxides$ thight form are those whose
characteristic lines lie below the point, and thestrfavored one is that presenting the
lowest standard Gibbs energy at the considereddmnpe. The Ellingham diagram for
several oxides is presented in Figure 1.5, witighlight on the data concerning chromia
and alumina at the considered temperatures (basgradn reproduced from

http://www.doitpoms.ac.uk/tlplib/ellingham_diagranuniversity of Cambridge).

Even though the oxidation reaction is thermodynaithjicfavorable, under normal
conditions (ambient temperature and atmospherigspre), the kinetics of the process is
extremely slow limiting its extent. Furthermore s® oxides are “protective” for their
metal substrate. They form a compact and adheoaie at the exposed surface, which
isolates the metal phase from the oxidizing atmesphthus blocking the oxidation
process. Therefore the composition of a metallloyatan be designed to render it

“resistant” to oxidation. In this case, elementse artroduced, typically chromium or

12



aluminium, to form a protective oxide scale of ¢hia or alumina, respectively. This is

for instance the case of stainless steels whicléddation-resistant at room temperature.
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Figure 1.5: Ellingham diagram with emphasis on datahromia and alumina formation
at 800 and 1100°C, respectively.
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1.4.2 High-temperatur e oxidation of resistant metallic alloys

However at high temperatures, these protectiveeosadles do not stop the oxidation
process whose kinetics is much faster. The metadtste is continuously attacked and
the long-term integrity or reliability of the mdialcomponent is jeopardized. Therefore
ceramic compounds are used in the most extreme.cBeeg oxides themselves, they
are intrinsically more stable in an oxidizing atmlosre. But on the other hand, ceramics
present several limitations: They are expensiv&alwicate and hard to form, and they
exhibit low thermal and electrical conductivitidherefore metallic alloys are preferable,
and the development of oxidation-resistant materiai high temperatures is very
promising for the industry. In solid oxide fuel lsglthe replacement of ceramics with
metallic alloys will allow for cheaper and betteerforming interconnects, while in
thermal barrier coatings used in engines or tusyitieze development of more resistant
alloys will allow for an increase of the internadwice temperature, thus increasing its
energetic efficiency (see corresponding chapters).

Oxidation-resistant metallic alloys rely on the vslgrowth of a compact and
adherent oxide scale of expected composition. ktrpuesent low permeabilities to the
reactive species so that as the oxide scale trsskinereases, it slows down the oxidation
process, thus limiting the oxidation extent at loagn. Complex alloys are used in order
to meet desired properties and maintain low cose development of a specific oxide
phase then relies on selective oxidation: the caitipa of the metallic alloy is designed
to ensure that the most stable oxide in the givenrenment is the desired one. Thus,
high aluminum or chromium content are necessafgrim alumina or chromia scales at

high temperature, but they do not need to be damhinahe composition.
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The high-temperature long-term oxidation of metalilloys under isothermal
conditions typically follows a parabolic rate lan example oxidation curve is given in
Figure 1.6 for an oxidation-resistant commercidbyalused in a SOFC environment
(Kurokawa, Kawamura et al. 2004). The oxide scalewth is slow, the thickness
reaching typically a few micrometers after a fewndteds of hours. The parabolic rate
law indicates that the oxide scale growth is cdlgdoby one or several diffusion
phenomena through the oxide scale and not by cla¢émeaction kinetics or transport
outside of the oxide scale ((Huntz 1995), see modekxt section). The two chains of
processes which can ensure the growth of a congpéde scale are presented in Figure
1.7: outward diffusion of the metallic cation anxidation at the external interface with
adsorbed oxygen atoms, or inward diffusion of tkggen anion and oxidation at the
internal interface. In addition, the diffusion imet substrate of the metal species
consumed in the oxide scale formation, and of omygkich can enter the metal phase in
solid solution or form internal oxides, are aldely to influence the kinetics of the scale

growth.
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Figure 1.6: Scale thickness of SUS430 after oxataitn air and fuel at 1073 K.
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Figure 1.7: Schematic of the two main chains otpsses leading to oxide scale growth.

1.4.3 Kinetics model of steady-state high-temperature oxidation

In first approximation, the long term high-temperat oxide scale growth can

commonly be described by a parabolic law:
2=k, 0 or (AM/S)’ =k [ (1.5)

where x,, is the thickness of the oxide scale formag’; and K, are the mass and

length parabolic rate, respective(;AM /S) is the mass gain per unit surface area;tand

is the oxidation time. This regime is referred soséeady-state oxidation, corresponding
to the slow progressive growth of a compact oxidales The mass formulation is the
most commonly encountered, since practically imisgch easier to monitor the change in
weight of the oxidized sample than to measure annogale scale thickness. The change
in mass results from the absorption of oxygen ey rtietal sample during oxidation. It

can be related to a mean oxide scale thicknesadghro
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Xox — 1 MMnO (16)
AM/S pyol M, '

wherep represents the mass density &dhe molar mass. The approximate parabolic

constants ratio in commonly used units is for cheom

Ko (mls] 3.7x10°
kp]m[g2 /cm“s]

For instance, the parabolic long term rate constémt chromia-forming alloys around
800°C in air are of the order of 110" gcm“s?, or 10*'-10° m?s™ (Fergus 2005).

The predictive capacity of the empirical parabalide law is limited, since the
parabolic rate needs to be experimentally measoret a significant time period
(typically few hundreds of hours) to accuratelyadse the long term growth. Therefore
modeling the oxidation kinetics in terms of matksriand environment properties is a key
step in developing predicting capabilities. Thegpatic rate law can easily be derived by
considering:

— a steady-state Fickian diffusion through the exigcale with fixed boundary
concentrations,

— a Stefan’s boundary condition at the evolvingriztary.

The derivation is provided here. Let’'s considerre @limensional oxide scale growth
controlled by the mass transport of one speciesitiir the growing scale. Fick’s first law

of diffusion relates the flux vector of a spedigeg, , to the concentration gradieriC, :
J, =-D’OC 1.7)
whereD? is the diffusivity matrix of specieisin the materialy and is assumed uniform
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through the material. The local statement of magedies) conservation within the

material, when no sink/source is present is:

Emmi =0 (1.8)
ot

wheret is the time variable andl[ represents the divergence operator. This statement
indicates that at steady-state and in a one-diraeakproblem, the diffusion flux must be
uniform through the material. From Fick’s first lawsing superscripts to denote the
metal/oxide interface anld to denote the oxide surface (values are to bentakethe
oxide side of the discontinuities), the steadyestitfusion flux of species through the

oxide scale of thicknedss given by:

J =Dp>*= = (1.9)

It is now furthermore assumed that the oxide sgedevth is controlled by the mass
transport of solely one species. The normal propagaelocity,v,, of a phase boundary
whose motion is driven by mass transport is obthitteough the mass conservation

statement for the phase formation controlling speeit the interface:

v, =~ Jou (1.10)
Corentea—C

created

replaced

where J,, and J_, are the mass fluxes arriving and leaving at therface, respectively,

out

andC

create

4 andC 4 are the species concentration in the createdepidaed phase (if

replace

any), respectively. This equation is sometimesrreteto as Stefan’s law (Stefan 1889).
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Denotingl, the moving interface and assuming a negligibleitsbty for the species in
the replaced phasé(, =0, C,...s= 0), the pseudo-steady-state interface velocity is:

v =—=—c 1 (1.11)

where subscript denotes the controlling species (oxygen at therinnterfacel, the
oxide-constituting metal cation at the surfédige The time integration of equation (1.11)

with zero initial conditions yields:

Cll _Cl

Cc Cc

CY

12=k,, @ with k, = 2D (1.12)
The parabolic rate law is thus obtained, dependimghe diffusivity and the boundary
values for the diffusion through the oxide scal¢haf oxidation limiting species.

A finer derivation is provided by the celebrated gifar theory (1933, (Wagner
1933)) on thick oxide film growth during high termpture oxidation of metals. The main
assumptions of the theory are listed below (Attm$985; Birks, Meier et al. 2006):

* The oxide scale is compact, perfectly adherent.

e Transport across the oxide scale, through diffusigration of ions or
electrons, is the rate controlling process.

* Thermodynamic equilibrium is established at metdistrate/oxide scale and
oxide scale/gas interfaces.

* Thermodynamic equilibrium is established locallsotighout the scale.
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» The oxide scale presents only small deviations fetaichiometry and the
defect density is sufficiently low to consider thmving species to be in an
ideal solution.

* A pseudo-steady-state is assumed, and there issamédnce in the ionic and
electronic currents within the scale.

* The scale is thick compared with the distance aw@ch space charge effects
occur.

Local electrical neutrality has not been assumedVegner’s theory, but practically
results from the assumptions. Attention must be paithe fact that the last assumption
provides a significant limit for the theory’s valy depending notably on the charged
defect concentrations (Atkinson 1985). Indeed, Nleenst-Einstein relationship used to
describe charged species diffusion is only validdcales (or grains in polycrystals) of
dimensions much greater than 20 nm. This conssitateabsolute limit of the theory, but
according to Atkinson a film thickness greater tladnout 1pum for temperatures above
500°C is required by the local equilibrium assumpt{Atkinson 1985). The reality of
oxide scale growth is very complex and providesesavother limitations to the theory
(Huntz 1995), but the model has proved to satiefdgtdescribe the growth kinetics.
Based on the previous assumptions, it is possibleliminate from the coupled
transport equations the electric field and all tteemical potentials except one (a
comprehensive derivation is provided by Birks efBitks, Meier et al. 2006)), which is
generally conveniently taken to be the one of oryda the case of a pure electronic
conductor (as are chromia scales above 700°C 8tack et al. 1998)), and for an M®

oxide, the parabolic rate constant can be exprdssedWagner’s theory by:
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Ko =25 (3D +Dy) dito (1.13)

wherel andll refer again to the internal (metal/oxide) and exdE(oxide/gas) interface,
respectively,D represents the species diffusivity through thedexscale and: the
chemical potential. Then, relating the oxygen cloampotential to the oxygen partial

pressure (Birks, Meier et al. 2006),

fo =315, +RON B, (1.14)
it yields:
k=3[ (3D, +Do) d(InR,) (1.15)

It is worthwhile to note that the two terms in tparabolic rate correspond to scale
growth at the two interfaces respectively (interfioalO and external for M), and thus are
not competing processes. The two boundary pressoresspond to the dioxygen partial
pressure in the reaction gas, which depends omxperimental atmosphere (from 0.2
atm for air to 162 atm for H/H,O fuel at 800°C for instance), and to the oxygertigia

pressure at the scale/alloy interface, which iscalty assumed to be the fixed (at
constant temperature) alloy/oxide decompositiorssuee (around IH atm at 800°C for

chromia/chromium and ¥ for alumina/aluminium at 1100°C, see Figure 1.5).

1.4.4 Species diffusion in oxide scales at high temper ature

As can be inferred from the previous section, mtamhh of oxide scale growth

kinetics at high temperature relies in large partlee knowledge of species diffusivities
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through the oxide scale. It is important to menti@re that chromia or alumina scales
developed on metallic alloys at high temperaturdilek a polycrystalline nature.
Therefore, two paths are available for diffusidmotigh the grain lattice bulks or along
the grain boundaries. While grain boundaries ocaumgry low volume fraction of the
oxide scale, they exhibit very high diffusivitiesich that the grain boundaries’
contribution cannot be neglected and even oftenimiaie at the considered oxidation
temperatures (Tsai, Huntz et al. 1996).

Data and information on diffusion mechanisms aranimaextracted from three
sources. The most direct is tracer diffusion, whichvides diffusion coefficient data
from the fitting of theoretical curves, based ubuain Fick’'s law, with experimental
concentration profiles (Atkinson 1985; Huntz 199%ai, Huntz et al. 1996; Sabioni,
Huntz et al. 2005). The results are therefore h#dcto a diffusion model, and thus
constitute only semi-experimental values. Whiledieg these data, special attention
should be paid to the nature and preparation obtinge material (is it a made up sample
or a scale developed by oxidation, in what condgiand during how much time, is there
a significant concentration of 2D or 3D defectskeli dislocation, micropores,
microcracks...), and on the diffusion experiment ¢tons (temperature, atmosphere).
This remains obviously true for the analysis ofeottiata.

Conductivity measurements are relevant experimetdtd for the identification of
the dominant diffusion mechanism. The material telesd conductivity variation with
temperature and/or atmospheric oxygen pressureoistoned. From the first results,
activation energies are extracted (a change inevadivealing a change of dominant

process), and from the second, dependencies rel¢vahe defects’ thermodynamic
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equilibriums are identified (Holt and Kofstad 199&irks, Meier et al. 2006).
Conductivity data are then related to diffusionotigh the theory of point defect
equilibrium. This theory, applied to the bulk ofio crystals, like any metal oxide,
considers that material transport occurs only tghoaharged point defects. However,
higher dimensional non equilibrium defects (likesldcations, pores) will always be
present in addition in practical materials, eveth#ir concentration can be reduced by
high temperature annealing. It is important to neemialso that the situation may be
different in, or in the vicinity of grain boundasieTherefore the theory only exactly
applies to bulk lattice diffusion.

Two kinds of point defects are to be consideredicipoint defects, which are cation
or anion vacancies and interstitials; and electrquint defects, constituted of electrons
and electron holes. These defects are generateshrohilated during electrochemical
reactions, which take place mainly at the oxidelescsurface or interface. The
thermodynamic equilibriums of these reactions, ¢edipwith a local electroneutrality
(consequence of the predominance of electrostatice$ and the high mobility of
electronic defects), are the base of the theorghvig notably used in the Wagner’s law
derivation.

Finally, estimates of diffusion coefficient valuasd dependencies can be extracted
from oxidation kinetics parabolic rate data, by chatg a kinetic model as derived
previously with experimental results. While thisthe constitutes the most uncertain
source, the large amount of available data makeseitul to identify the global influence

of certain parameters.
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Diffusion data, obtained directly or indirectly ¢thugh experiments, have
demonstrated significant variations with alloy ditasion, including particular
sensitivity to some minor element contents, allogparation (microstructure, surface
state), oxidizing atmosphere (Atkinson 1985; Dieakm 1998). Furthermore, defect
concentration and nature can vary along the shatkrtess, and the oxide scale itself can
present varying microstructure and compositionpace and time, possibly resulting in a
modification of the diffusion mechanism. The ditfity of assessing the main diffusion
mechanisms and the lack of understanding of the aad contribution of the different
parameters prevent any general modeling of these deda that are the diffusion
coefficients, and thus will fail the prediction edyllity of a general oxidation kinetics
model (Atkinson 1985; Heuer 2008). Therefore ermoplrior phenomenological

formulations are fitted with experimental data poactical descriptions.

1.5 Stress development and mechanical failure

While decreasing the oxide scale growth kinetics been an essential step for the
development of metallic alloys sustaining an oxitizatmosphere at high temperature,
satisfactory progress has been made, and mostntueféorts now concentrate on
increasing the oxide scale lifetime. Different pberena might limit its functional
lifetime depending on the required properties. iRstance, chemical degradation which
may include pores and holes formation, or the dgrakent of detrimental properties of

the oxide scale, notably due to the formation afasired phases, might lead to the oxide
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scale loosing its low permeability to reactant $geor to a loss in electrical conductivity
(an important property for an SOFC interconnect).

In this work, we focus on stress development legdon mechanical failure of the
oxide scale, which results in the detrimental expe®f the substrate alloy. The lifetime
of growing oxide scales is often limited at mid long term by intrinsic mechanical
failure. In thermal barrier coatings, stresses tigieg in relation with the oxide growth
lead to the development of large deformations wlthrmal cycling; these eventually
result in the local delamination, failure and sgiadin of the thermal barrier coating,
which may expose the structural metallic alloy toumsustainable temperature (Padture,
Gell et al. 2002; Evans, Clarke et al. 2008). Thischanism is presented in Figure 1.8
(Karlsson, Hutchinson et al. 2002). In the caseimfoated SOFC interconnect alloys,
stress development directly results in local oxddale spallations and failures. A typical
route to failure for an oxide scale grown on a tagalloy is illustrated in Figure 1.9
(Suo 1995). As shown on the schematic and depemfirte environment, the metallic
substrate might be able to heal itself by reformangrotective oxide scale. Nevertheless,
this could lead in time to a loss of electrical doctivity, fuel conduct obstruction or
severe consumption of the metallic component, piatéyn jeopardizing its reliability

(Belogolovsky, Hou et al. 2008).
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Figure 1.8: Cross-section SEMs presenting an exaofpbxide scale large deformations
with thermal cycles in a TBC system. The phenomdeads to in-plane crack nucleation
and extension and eventually results in the theooaling spallation.
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Figure 1.9: Cross-section sketches presenting ate @cale undulation, spallation and
failure during isothermal oxidation.

Intrinsic stresses in oxide/metal systems can paragd into two types, depending
on their origin: stresses developed during scabevtir at oxidation temperature (growth
stresses) and those developed during cooling/lpageguences on account of the
differences between the thermal expansion behawbrthe scale and the underlying
substrate (thermal mismatch stresses). Stressesalsanresult from a temperature

gradient between the scale and its substrate rbuida likely to be dominant in our cases
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of interest due to the very limited thickness o¢ thxide scale and the good thermal
conductivity of the metallic substrate. Finally,istworth mentioning that in the case of
non planar systems, stresses might be inducedebpxide growth over a non-uniform

geometry (Evans 1995). “External” stresses migbt &le induced by the deformation of

the system, for instance as a consequence of bstrate creep under an applied load.

1.5.1 Stress measur ement

While evidence of stress development, such as saaiphgations or bending, oxide
scale buckling and spallations, can be observedctdmeasurements of stresses within
oxide scales are not easily obtained. Therefoferéit techniques have been developed
in order to measure associated relaxation stransh as specimen extension tests,
catenary and deflection methods (see (Evans 198b)af brief review). In-situ
measurements during oxidation at high temperatussemt several difficulties, and
therefore historically most measures have beemtakeoom temperature, preventing a
direct assessment of growth stresses. Analyticaletscavailable for thermal stresses are
then used to recover stresses developed duringxiuation, but the accuracy of the
estimate then relies on the knowledge of the thermxpansion coefficients of the
different materials (see the model described fuythéncertainty is then introduced since
the materials are evolving at high temperature @mght develop a non-homogeneous
structure. This is especially true for the oxidealsc which is forming during the
experiment and remains very thin, and can therefoesent significantly different
properties than larger and differently made samfdes for instance (Mougin, Galerie et

al. 2002)).

28



Over the last decade, in-situ measurements hava peeormed during high
temperature oxidation, allowing for a better assesg of growth stresses (Mougin,
Rosman et al. 2001). X-ray diffraction (XRD) is thest common technique for stress
measurements. The strain is measured as a changstioe spacing, for a given
inclination with respect to the sample surface,mréhe stress-free situation. It is
important to note here that the need for this esfee state constitutes a limit to the
method in cases where the composition of the odd®mplex and might evolve with
time.

Since the technique relies on the detection of angé in lattice spacing, a lower
limit exists on the stress measure resolutionyegéd to be around or greater than
100MPa depending on the oxide considered (Evan$)19%e spatial resolution also
presents a limit to the measurement. Since thel@mtibeam penetrates up to a certain
depth within the sample, the values obtained aerames over a surface layer. This
vertical resolution is typically greater than 1uwhich prevents accurate mean stress
measurements in thinner oxide scales. It is impot@notice that a reverse consequence
of this limitation is that for thicker scales, ordy average stress over a surface layer of
given thickness is measured.

Recently other techniques have been developed tfesss measurement. Laser
Raman spectroscopy has been employed for chroraiass(Birnie, Craggs et al. 1992).
This technique has the advantage compared to XRDitldoes not require a specific
environment (a simple laser is used) and that ésgmts better lateral and vertical
resolutions, thus allowing for stress measuremeits thinner oxide scales

(Kemdehoundja, Grosseau-Poussard et al. 2008)alsonina scales, photostimulated
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chromium luminescence spectroscopy has been preffetent for stress measurement
(Lipkin and Clarke 1996), and might allow notablyr fthe measurement of stresses
developed in the oxide scale below the thermalidracoating (Christensen, Lipkin et al.
1996; Zhao and Xiao 2007). Despite the progressenradtress measurement techniques,
major limitations remain and render models and Rftrans essential to get insights on

the likely stress development and resulting medsfailure mechanisms.

1.5.2 Thermal stresses

Temperature

Figure 1.10: Schematic presenting the thermalrstrasmatch induced upon cooling
between the developed oxide scale and the mesaliistrate, and the in-plane
compression resulting from the adherence of thdekdyer.
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Figure 1.11: Thermal stress relaxation measureithgltine reheating of a metal/oxide
sample. The oxide is a 1.4 pm thick chromia scedevg for 96 hours at 900°C over a
1mm thick substrate.

Thermal expansion mismatch is largely reportedhasntain origin for the residual
stress in the oxide scales observed at room temoperand as a consequence as the main
driving force for mechanical failure. The free voletric thermal strain corresponding to

a variation in temperature froéa to 0, is obtained through:
eh = j;:a dé (1.16)

whereq is the isotropic thermal expansion coefficient &d material property, which is

often considered constant but might depend on testyre. It is in most cases much
higher for metals than for oxides, and the larg#ractation of the metal substrate then
results in the compression of the adherent oxidéesas illustrated in Figure 1.10. Figure
1.11 presents a measured relaxation of thermas&seupon reheating of the metal/oxide

scale system (Huntz, Daghigh et al. 1998). If tamp, perfectly bonded, elastic layers
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in equal biaxial stress states are consideredifan furthermore assumed that the two
materials present similar Poisson ratios and tiebkide scale thickness is small in front
of the metal one, the in-plane stress in the oside can be expressed by (Birks, Meier
et al. 2006):

_on(aox_amet)Ae

O, = 1.17
: - (1.17)

where the subscriptsx andmetrefer to the oxide and metal layers, respectiviElig the
Young Modulus of elasticity andthe Poisson ratio. This formulation allows preitigt
compressive in-plane stresses upon cooling frommhkecoefficients data. The stresses
can reach several gigapascals, in agreement wipkriemental measurements, see for
instance Figure 1.12 (Lipkin, Clarke et al. 19%tyesses up to 6 GPa have been reported
for alumina scales (Evans, Clarke et al. 2008). S8quently alloys are selected and
designed in the first place to match as closelgassible the thermal expansion behavior
of the oxides they develop and to be mechanicalistant enough to sustain the

inevitable thermal mismatch stress (Yang, Weille2@03; Evans, Clarke et al. 2008).
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Figure 1.12: Mean stress in the oxide scale medsurder a TBC by luminescence
spectroscopy. The error bars indicate the standiawdhtion with measurement location.
For comparison, the calculated thermal stress gpofing is indicated by the hatched

box on the left axis.

1.5.3 Accommaodation of in-plane compressive stress

Planar metal/oxide material systems such as thossidered here usually fail in
response to the development of a compressive mepdress within the oxide scale, as
induced upon cooling to room temperature. Dependdmg the different material
mechanical behaviors (ductile or fragile, low omgtistrength) and the interfaces’

strengths, different mechanisms of stress accomtioodanight take place, as illustrated

on Figure 1.13 (Sarioglu, Stiger et al. 2000).
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Figure 1.13: Schematics of the main responsestddlielopment on an in-plane
compressive stress in the oxide scale. (a) bucki{lmgshear cracking and (c) plastic
deformation of the oxide scale and the alloy sualbstr

From linear elasticity and thermodynamic considere, the spalling of an oxide
film undergoing a compressive stress is likely tew when the elastic energy stored
within the oxide scale exceeds the fracture rest&td5, , of the interface (energy per unit
surface) (Evans 1948; Birks, Meier et al. 2006 criterion for the spallation of an oxide
scale in a bi-axial symmetric compressive statetisan obtained:

AVo) 2 5 (1.18)

0X" '0X
0X

where the subscrifx refers to the oxide scalg,is the Young Modulus of elasticity,is
the Poisson ratiogox IS the bi-axial compressive stress in the oxidalesand hox
represents the oxide scale thickness. Accordirtgisocriterion, oxide scale spallation is
favored by a high compressive stress, a high ldyekness and a low interface strength.

This simple criterion thus offers a logical undarsting of the failure of a flat interface:
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the thickening of the oxide layer with oxidatiomg& renders it more likely to spall off
upon cooling, a situation possibly aggravated byditaxhal compressive stress
development and the weakening of the metal/oxiderface. However, this criterion
constitutes a necessary but not sufficient conditto the event, since it does not provide
a mechanism leading to the oxide scale spallaii@ro routes have been proposed: the

development of a buckling instability or the nutiea and propagation of a wedge crack.

Figure 1.14: Oxide scale buckling and spallation.

Buckling, as illustrated on Figure 1.13 (a) andvehowith a scanning electron
micrograph in Figure 1.14, is the combined locdlannation and undulation of the
oxide scale. It is likely to occur when the meteide interface is weaker than the oxide
scale (from a resistance to failure point of viel)s a typical response for oxide scales
grown on non-coated non-doped alloys. The defoonathen induces local in-plane
tensile stresses likely to prompt through-scaleclcraucleation and propagation,

eventually leading to the oxide scale failure,fa®sn in Figure 1.13 (a).
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Figure 1.15: Top view showing local spallationsdfat oxide scale.

If compressive stresses are not relaxed by buckdiagt is likely to be the case when
the metal/oxide interface strength is high, sheaclks might develop within the oxide
scale, leading to its spallation by a wedging ma@m as illustrated in Figure 1.13 (b)
(shear cracks form within the oxide scale and pgepatoward the surface as well as to
and along the interface until total delaminatioows). An example of local spallation of
a flat scale is provided in Figure 1.15. Bucklingdeshear cracking are the main failure
mechanisms for chromia scales at SOFC operatinggatures, around 800°C, at which

limited plastic relaxation occurs within the oxidger.
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Figure 1.16: (a) Schematic of the ratcheting merdmapresenting the oxide scale
deformation, the undulation amplitude growth witle humber of thermal cycles, and the
induced out-of-plane tensile strain likely to résnlthe delamination of the top coat. (b)

SEM showing actual large deformation and crackeld@ment leading to the
delamination of the thermal barrier coating.
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In contrast, important inelastic relaxation occirsalumina scales growing under
thermal barrier coatings at around 1100°C. Herenlioed plastic deformations of the
oxide and the alloy take place, restrained in tB€ environment by the thick ceramic
coating. However, even limited undulations migravgwith time due to thermal cycling.
In fact, if thermal stresses are partially relakgdplastic deformation upon cooling, then
the oxide scale will remain deformed upon reheatengd thus its geometry will be
affected at each thermal cycle. This phenomenoriégd to the development of large
growing undulations, and is then referred to aateheting mechanism. A schematic of
the ratcheting mechanism is presented in Figuré (al (He, Evans et al. 2000) and (b)
(Evans, Mumm et al. 2001). As shown, the amplitatléhe undulations increases with
the number of thermal cycles, which induces growongof-plane tensile strains in the
valley regions, likely to result in in-plane crackcleation and propagation at interfaces
or in the fragile YSZ coating and alumina scaled awventually leading to the
delamination of the protective coating.

It is worth mentioning that alloy substrate meckahfailure has not been discussed
here because it is usually unlikely to occur, doghe high plasticity of the metallic
materials at the considered oxidation temperattfewever, vacancy diffusion and
condensation at grain boundaries might weaken ehgyystalline alloy, allowing for its
failure. Finally, it is important to note that ipecific situations,a significant in-plane
tensile stress might develop within the oxide layiéris would be the case if the material
system is heated at a temperature higher thannt@towhich the oxide scale has grown;
or if the development of a plastic in-plane shmgkideformation of the oxide layer

during cooling phases is not recovered upon retgafi simulated example of the latter
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mechanism is presented Figure 1.17 (Huntz, Daghigil. 1998). Nevertheless, in-plane
tensile situations, if they need to be explainedhieir origin, are much less complex
regarding failure mechanisms. Indeed, on one haey directly provide a driving force

for through-scale crack nucleation and propagatima on the other hand their relaxation
should result in a flattening of the oxide layer iftaximize its in-plane dimension) and is

therefore stabilizing with respect to geometricadlation.
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Figure 1.17: Simulation results of the in-planess$revolution in a chromia film
associated with thermal cycling during which plasélaxation occurs. The oxide scale
developed at 900°C and thermal cycles range frodnt®@00°C, with a 1 hour
isothermal hold period between consecutive cycles.

1.5.4 Growth stresses

While thermal stresses are thought to be respanddsl the eventual oxide scale
failure in most cases, growth stresses might plagigmificant role in the failure
mechanism. Growth stresses might contribute inwags depending on their relaxation.
They might contribute directly in constituting agiditional in-plane compressive stress to

the thermal stresses upon cooling, if they are sighificantly relaxed at oxidation
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temperature, or they might contribute indirectlyimiducing oxide scale deformations
resulting from growth strain accommodation at okimatemperature. This would lead to
a rougher oxide layer and consequently engenddrehig¢pcal tensile stresses upon
cooling, an effect similar to that of the ratchgtimechanism. A schematic of the varying
in-plane and out-of-plane stress fields along tkidelayer induced upon cooling by the
scale roughness and the resulting effects on &fluran uncoated system is presented in

Figure 1.18 (Mougin, Lucazeau et al. 2001).

Figure 1.18: Schematic of the varying in-plane antdof plane stresses in the oxide
layer induced upon cooling by the scale roughreass likely resulting failures.

Growth stresses are mostly in-plane compressitlep@dh a tensile state might arise
in specific situations (see the discussion on thgirs of growth stresses further), and
they might reach important levels. Stresses upeto GPa have been measured when
relaxation processes are limited (Christensen,ihigk al. 1996; Tolpygo, Dryden et al.
1998; Sarioglu, Stiger et al. 2000; Mougin, Galege al. 2002; Kemdehoundja,
Grosseau-Poussard et al. 2007). An example of fratresses in an alumina scale
growing at 1000°C, measured in-situ by XRD as afion of oxidation time is presented

in Figure 1.19 (Sarioglu, Stiger et al. 2000). Incase representative of SOFC
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interconnect conditions, in-situ measurements byn&wa spectroscopy on a Fe-18Cr
ferritic stainless steel oxidized at 750°C showednpressive growth stresses in the
chromia scale of more than 2GPa, almost ten tinmeatgr than the thermal stresses
(Mougin, Galerie et al. 2002). This situation i®aim in Figure 1.20 presenting the stress

evolution during cooling.
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Figure 1.19: Growth stresses in an alumina scaleigg at 1000°C as a function of
oxidation time, measured by XRD.
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Figure 1.20: Raman spectroscopy measurements sgdierevolution during cooling of
the stress state of a chromia scale grown on alesai steel sample for 3 hours at 750°C.

Growth stresses have also been shown to play ackeyn oxide scale deformation
mechanisms during isothermal oxidation. In factwutions (wrinkling) or buckling of
the oxide scale have frequently been reported ashaméssms of growth strain
accommodation (Kofstad and Bredesen 1992; Clark2)2@®t high temperature, strong
inelastic relaxation processes might counteractdinelopment of growth stresses by
accommodating the underlying strain, then possitdigicing morphological evolutions.
Significant defect diffusion allowing for high creeates, and low resistance to plasticity
particularly in the metallic alloy, might thus m&m a quite limited stress level in the
oxide scale. Nevertheless, such processes careathhr side lead to large deformations
of the system with time, such as substrate extangjimin uplift, oxide scale wrinkling
(undulations) or ridging, or also result in voidsdaporosity development (Caplan and

Sproule 1975; Tolpygo and Clarke 1998; Clarke 2002)
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At moderate temperatures (especially below 800ftt®) ,contribution of creep might
be reduced. However, significant effects have baleserved even in this temperature
range. Thus, Huntz et al. (Huntz, Daghigh et al98)9quantified significant creep
relaxation for a chromia scale in the range 7002@0Figure 1.21 presents growth stress
development and relaxation at short term, as medsinr-situ during the growth of a
chromia oxide layer on a Ni-30Cr substrate at c#ffie temperatures (Kemdehoundja,
Grosseau-Poussard et al. 2007). Finally, it is Warbting that even during thermal
cycling, a growth strain has been shown to be ¢isdédn the ratcheting mechanism
(increase of undulations amplitude with thermallesy (He, Evans et al. 2000; Tolpygo
and Clarke 2000). Thus growth stresses undoubtaaiigtitute a basic driving force for

the processes leading to mechanical failure undestioning conditions.

—— T00PC
- —a— TH0PC
G —a— B00°C
& —e80°C
—— S0P C

Time (min)

Figure 1.21: Growth stress development and relaxatiith time, as measured in-situ
during the growth of a chromia oxide layer on a38r substrate at different
temperatures.
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The possible origins of growth stresses have bed@ewed by many authors over the
last decade (Stott and Atkinson 1994; Evans 199B1t#+1995; Clarke 2002; Panicaud,
Grosseau-Poussard et al. 2006). The most citetharepitaxial relationship between the
metallic substrate and the oxide scale, compositiohanges due to species diffusion, the
oxidation process or other phase transformatiom® specific volume change
accompanying the metallic phase oxidation and lfinaéw oxide formation at existing

oxide scale grain boundaries within the oxide layer

[oo1]

ol

Figure 1.22: Metal lattices epitaxial arrangeménbvtigh a dislocation structure for an
NiO scale on a Ni substrate.

Epitaxial stresses can develop from lattice incdibpdy between the nominal
oxide phase and the metallic substrate. An illtisetaschematic is presented in Figure
1.22 (Pieraggi and Rapp 1988). A mismatch straioces®arily accommodates the
difference in lattice parameters at the interfadecreasing away from the boundary
where the lattice is relaxed. This phenomenon iadwgtresses at the microscopic level,

and is thus significant through the scale onlytfon films. The stresses can be either
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compressive or tensile according to the epitaxgti@hship. However, the oxides formed
by high temperature oxidation on oxidation-resistaetallic alloys are polycrystalline;

furthermore in practice several alloying specied mmpurities segregate at the interface.
It is therefore unlikely that coherency stressesimportant, in contrast to the case of the

epitaxial growth of semiconductor films on singtgstal substrates (Clarke 2002).

Figure 1.23: Cross-section micrograph of a bulk@arof Pt-modified NiAl after
oxidation at 1150 °C for 300 hours, showing void$he metallic substrate caused by
selective oxidation.
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Figure 1.24: Measured change with oxidation tim&1&8t0°C of average lattice spacing
in the oxide scale, as the composition of the gngvaxide evolves from hematite
(Fe,Cr,AlxO; to corundumu-Al ,0s.

Compositional changes in the metallic alloy or tixéde scale, accompanied or not
by phase transformations, are another likely sowifcstress induced by the oxidation
process and species diffusion at high tempera@xggen incorporation in the metallic
substrate, either in solid solution or as intematle particles, induces a specific volume
expansion and is thus a significant source of stfes certain metals, such as niobium,
tantalum or zirconium (Stott and Atkinson 1994; Huri995). This phenomenon is
limited by the solubility of oxygen into the metallalloy, which is negligible for most
metallic compounds (with the notable exception gATand NiAl, phases which might
form on NiAl bond coats sometimes used in TBC) KBjrMeier et al. 2006). Selective
oxidation, i.e. the formation of a specific oxide a metallic alloy (for instance chromia

on Fe-Cr or alumina on Ni-Al) might also engendegsses if the two metallic species do
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not present matching diffusion kinetics. The rangltstresses might be either tensile or
compressive (Suo, Kubair et al. 2003).

More generally, composition gradients induced by ¢ixidation process have been
proven to possibly engender significant stressestrains, especially in metallic alloys
(Tolpygo and Clarke 2000). An important phenometi@at may weaken the oxide scale,
the metal substrate or their interface is metaletem, due to its consumption in oxide
scale growth and insufficient local diffusive reg@anent. The vacancies generated may
condense and form pores or voids, more particulaidyng grain boundaries and at the
metal/oxide interface (Howes 1967). A striking exdenof void formation is shown in
Figure 1.23 (Suo, Kubair et al. 2003). Oxide scaigght also be affected by composition
gradients if they exhibit large deviations fromisktmometry, as it is the case for iron and
zirconium oxides (Birks, Meier et al. 2006). In Buoxides, a significant point defect
gradient might establish through the growing lay@iducing local variations in the lattice
parameter. This phenomenon is nevertheless unlikelglumina and chromia which
present a very high stoichiometry, with maximum idggns below 0.1% (notice that a
high stoichiometry is equivalent to a very low dgnsf point defects) (Birks, Meier et
al. 2006). However, the development of a mixedescahstituted of several oxide phases
might lead to the rise of a compositional straiadigent.

Finally, another phenomenon generating stress atirtiial stage of oxidation is
worth mentioning: depending on the substrate allog the experimental conditions
(atmosphere, temperature), transient oxide phagg# nevelop at first, and then further
evolve to form the most stable oxide. This prodeskices a specific volume change

within the existing oxide phase, and has been prdaweengender significant stresses at
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short terms, which might be tensile (Howes and &idbon 1969; Veal, Paulikas et al.
2006). An example of measured variation in avedatfece spacing in the oxide scale

with oxidation time at short term is provided irg&ie 1.24 (Veal, Paulikas et al. 2006).
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Figure 1.25: Principal oxide growth location depiegdn the controlling ionic diffusion
(Kang, Hutchinson et al. 2003).

The historically most renowned growth stress gdiwmramechanism is directly
related to the alloy oxidation process. It has bpssposed by Pilling and Bedworth
(Pilling and Bedworth 1923), and is based on theaidhat if the oxide scale at the
metal/oxide interface grows by consumption of thetallic substrate, the change of
specific volume between the consumed phase andréeed one would engender a
volume eigenstrain (inelastic strain). The paramagsociated with this phenomenon is
the Pilling-Bedworth ratio (PBR), measuring theigatf the transformed phase molar
volume to that of the consumed one, following theemical reaction stoichiometric

equation:

QOX

PBR= (1.19)

met

48



Qox and Qnet then refers to the specific volume of the oxidel dhe metal phases,
respectively, for a same number of moles of mdthé accommodation of this volume
strain in a constrained space would then resudlierdevelopment of stresses.

The success of this theory relies on its capadtyualitatively predict the sign of
growth stresses in the oxide scale. In most oxadatiases the Pilling-Bedworth ratio is
greater than one, corresponding to a volume expansind consequently compressive
stresses are expected in the scale. It is thefoasdumina and chromia, which present
respective PBR of 1.28 and 2.07 (Evans 1995). Qsele a ratio lower than unity
predicts a tensile state, which can explain whyceomed metals such as potassium,
magnesium and sodium can generally not maintairmoegtive oxide scale (Birks, Meier
et al. 2006) (tension engenders porosity and crdelslopment).

Despite this qualitative experimental agreemens, mow largely recognized that this
theory is incomplete for growth stress predictiDetractors of this model argue that this
phenomenon would result in unrealistic stress fevef the order of several tens of
gigapascals considering typical Pilling-Bedworthiaaralues between 1.2 and 2 (Clarke
2002; Limarga, Wilkinson et al. 2004). This raighe point that simultaneous plastic
accommodation processes would necessarily be iadolVhe energy released by the
oxidation reaction being much higher than the weduired for plastic accommodation
(Harris and Crossland 1979), the combination oftéhe processes is relevant. In the case
of a high creep rate, it is even possible that ¥Wodume strain is spontaneously
accommodated, leading to a global outward displacerof the existing scale without
significant stress generation. However, this iskehy for refractory oxides as considered

here (Evans 1995).
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Another sometimes opposed argument is that thishamsm would not lead to an
increasing stress level with oxidation time andréfme could not explain isothermal
mechanical failures. This argument is easily digpdbby the fracture energy approach,
in which the total elastic energy stored within theéde scale is considered for the failure
criterion (Evans 1948; Evans and Taylor 1997; Sahu2005), see equation (1.18).
Accordingly, it is not necessary for a growing axgtale that the stress level increases in
order to lead to fracture or spallation.

A strong limitation in the theory is the fact tithe phenomenon would engender
stresses only if the oxide scale grows inward ¢lemetallic substrate, and therefore by
anionic (oxygen) diffusion. Oxide scale growth he touter free interface is usually
considered to occur without significant stress gaten or deformation, due to the direct
possibility of accommodation for the new oxide feanon top of the existing layer. A
schematic of the two growth mode is provided inuFggl.25 (Kang, Hutchinson et al.
2003). Inward growth is the preferred developmerdgation for alumina, which exhibits
a higher oxygen diffusivity than does metal (KaHKigitchinson et al. 2003). In contrast,
regular chromia scales have been widely reportetkt@lop outwards as a consequence
of a metal diffusion control (Kofstad and Bredese92). However, dopants and/or
coatings are now systematically added to the nietalloys to reduce the oxide scale
growth rate (Yang 2008). In this situation, thearthium outward diffusion is decreased
and the chromia scales have been proved to debglsignificant if not dominant inward
oxidation (Hou and Stringer 1995). Therefore thiérg-Bedworth mechanism might be

relevant.

50



Overall, it is likely that the oxidation processthe oxide-metal interface locally
induces stresses, since phase dissolution and iormaccur probably accompanied by
local volume variations. The resulting overall volke strain should be related to the
Pilling-Bedworth ratio but is likely to quantitagly differ, due to species interdiffusion,
creation and annihilation of vacancies and othessiibe accommodation processes on
both side of the phase boundary. A volumetric ghosttain associated with oxidation at
the inner oxide/metal interface has been experiatignneasured to 2.2 for an alumina

scale on a FeCrAlY alloy (Kang, Hutchinson et 803).
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Figure 1.26: Likely locations of new oxide formaticesulting from inward diffusion of
oxygen and outward diffusion of metal. Oxide forimatalong grain boundaries lying
perpendicular to the interface would induce thelame compression of the oxide scale.

Over the last decade, a last mechanism has gamesiderable interest. Initially
described by Rhines and Wolf (Rhines and Wolf 190y based on the idea that new
oxide formed along grain boundaries lying perpeuidicto the interface would generate

an in-plane expansion strain. Since the oxide scal&aterally constrained (by the
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substrate and any coating), this in turn genem@tssmpressive in-plane stress, as mainly
measured during oxidation experiments. An illugtraiof the mechanism is provided in
Figure 1.26 (Clarke 2003). This phenomenon requi@scurrent inward diffusion of
oxygen and outward diffusion of metal ions, a gitrawhich has been evidenced for
doped or coated chromia scales (Tsai, Huntz 198I6) and as well as for alumina layers
(Nychka and Clarke 2005).

As briefly demonstrated by Clarke, a very limitddag (~0.1%) corresponding to
the insertion of an extra plane of atoms alongie@rgrain boundaries with an average
in-plane grain size of half a micron, would resala compressive stress of about 0.5 GPa
if the scale is fully constrained by the underlyisigpostrate (Clarke 2003). Thus minor
oxidation, negligible to the oxide scale growth ameduiring only very weak species
fluxes, which always exist, could lead to the «résvels that are experimentally
measured. This proves the likely significance agldvwance of internal oxidation along
grain boundaries as a growth stress origin, evethéncase of a predominant growth
direction. This last fact constitutes the main osa$or the acknowledgement of this
mechanism, since it has been observed that gravabses can develop even in cases of
exclusive external growth (Huntz 1995). It is wortlentioning that this phenomenon is
fully analogous to grain coarsening (in-plane gtgwsometimes also cited as a process

leading to growth stresses.
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Figure 1.27: Unconstrained in-plane growth straaedopment in the oxide scale at
different temperatures, versus oxidation time axidedoscale thickness. The data are
indirectly extracted from experimental measurements

Just like the Pilling-Bedworth theory, the RhinasdawWolf concept provides a
meaningful mechanism for the development of in-plaompressive growth stresses, but
direct experimental evidence of oxide formationhivit grain boundaries of an oxide
scale is missing. Even at the macroscopic levaiceoent stress relaxation processes
render difficult the measurement and interpretatbra lateral growth strain. Through
analysis of the evolution with time of the macrgsiceelongational strain and the residual
stress in the oxide scale during the oxidation efahsheets, lateral growth strains of up
to 4% have been identified in an alumina scale &e@rAlY alloy oxidized in the range
of 1100-1300°C (Tolpygo, Dryden et al. 1998). Instlstudy, comparison of the
experimental data for different metal sheet thigses is used to differentiate the growth
strain from the large creep accommodation straihe Tidentified growth strain
development is presented in Figure 1.27 (TolpygydBn et al. 1998). It is found to be
proportional to the oxide scale growth, and thuse¢omost probably directly related to

diffusion processes through the oxide scale, apstgd by the Rhines-Wolf theory.
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Figure 1.28: Schematic diagram of Clarke’s mechanisdge dislocation climb results
from the local trapping of counter-diffusing meéad oxygen ions. An in-plane growth
strain is produced when the dislocation presentir@®s vector parallel to the interface.

While the Rhines and Wolf model constitutes a pdweconcept, no defect
mechanism and reaction sites have been propodedlyniFrom the point defect theory,
Atkinson analyzed the possibility of oxide formatior consumption depending on the
diffusing defects for oxygen and metal through thvdde scale (Atkinson 1982).
However, little is known on the precise diffusingfects in alumina and chromia scales
thus preventing any reliable conclusion. From tkpeeimental observations described
above, in which the growth strain is found to bepartional to the oxide scale thickness,
Clarke proposed a mechanism based on geometriostigctural considerations. Here
the lateral growth strain would result from thentdi of edge dislocations having a
Burgers vector parallel to the oxide/alloy intega@n response to trapping of counter-
diffusing cations and anions at the core of théodations (Clarke 2003). A schematic of
the mechanism considered is provided in Figure {(38rke 2003). While it would be

extremely difficult to experimentally assess thiogess, it provides a meaningful
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phenomenological model which has gained consideralcognition (Balint and
Hutchinson 2005; Jedlinski 2005; Kitamura, Nishigaet al. 2005; Zhu, Fleck et al.
2005; Busso and Qian 2006; Karadge, Zhao et ab;2P@nicaud, Grosseau-Poussard et

al. 2006; Hou, Paulikas et al. 2007; Limarga antkMon 2007).

1.6 Focus of the study and methodology

As can be inferred from the previous sections,dpgmization of the composition
and preparation of the material systems in vievinofeasing the devices’ lifetime is a
challenging work. On top of the mechanical evoluti@dditional requirements may
render the task even more complex. For instanss & electrical conductivity and
chromium volatilization at the free surface areanagsues degrading SOFC interconnect
performances (Fergus 2005). Therefore, there isremsmg need for models and
simulation tools allowing for better understandargd description of the main processes
taking place during high temperature oxidation Hredr relative contributions to system
failure. Such advances are required to identifykég properties of metallic alloys and
oxide scales, along with their optimal values, wllay professionals as a result to design
better performing structures and material compaséti In a second approach, such
models can also help predict the oxide/metal sydifetrme as well as the failure mode
depending on key characteristics (see for inst@dusso, Wright et al. 2007)).

In this thesis, modeling efforts have focused oe tlouplings between stress
development and oxide scale growth during high-enmajpire oxidation, in view of
investigating the possibility of stress-induced +umiform morphological developments

of the oxide layer. The focus on non-uniform oxgtewth is motivated by the fact that
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most oxide scales grown in the studied systemsght temperature exhibit an irregular
morphology (characterized here by a varying thiskhe This situation has been
identified by many authors as highly detrimentalth@ material system mechanical
lifetime (Galerie, Toscan et al. 2004; Evans, Gdagt al. 2008). Despite this strong
conclusion, to our knowledge no study has beenopedd on the processes and
mechanisms possibly leading to such a phenomenba. dEtrimental contribution of

oxide scale non-uniformity is discussed in the ngattion, along with the different
situations that might lead to such morphology. Tieeiew points out the likely

substantial role that growth stresses might plajobglly affecting the oxidation process.

Eventually, the general methodology applied in gtigly is presented.

1.6.1 Non-uniform oxide scale development

The development of an oxide scale of non-uniforntkitess is critical to the
mechanical lifetime of metal/oxide systems for tw@in reasons. In our review of
mechanical failure associated with high temperatuidation of thermal barrier coatings
and SOFC interconnects, we point out the primarpartance of the oxide scale
interfaces. While strength is of major concern, geemetry has been identified as a key
characteristics for the mechanical failure mechasigupon thermal cycling (Evans,
Mumm et al. 2001) or during isothermal oxidationaksson, Hutchinson et al. 2002;
Panat, Hsia et al. 2005; Busso, Wright et al. 2p0iyleed, the oxide layer interfaces are
a typical location of mechanical failure (Padtugsll et al. 2002; Galerie, Toscan et al.
2004). The geometry has been shown to play a majerin crack development upon

cooling due to the raise of induced tensile traxgti(see Figure 1.18). Furthermore, a non-
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uniform thickness inevitably results in a varyingidity of the oxide layer, likely to
locally induce enlarged plastic deformations atwieakest sections under the effect of an
in-plane compressive stress. Such a phenomenod tEad to an accelerated fracture or
spallation of the oxide scale, at oxidation temperif growth stresses are important, or
upon cooling. Moreover, even in the case wheretiplateformation would be quite
limited during isothermal oxidation and cooling, dbuld become significant by a
ratcheting mechanism associated with thermal cgclitherefore any local variations of
the oxide scale growth kinetics, inducing morphatafy developments and a non-
uniformity of the oxide scale thickness, might beryw detrimental to the system
mechanical lifetime.

Inhomogeneities in the local chemical compositi@ml microstructures of the
different materials are likely to engender localarying oxidation kinetics.

As stated earlier, the oxide growth at high temjueeain the cases studied is
essentially controlled by oxygen and metal diffusiihrough the oxide scale, with a
significant contribution of the grain boundariesfast diffusion paths. Therefore higher
oxide growth rates could be expected in the viginit grain boundaries, resulting in
“bumps” with an occurrence related to the micradrte. Such a situation is presented in
Figure 1.29 (Evans, Clarke et al. 2008). Howevechsdramatic variations in oxide scale
thickness are not typical and significant non-umfities related to the oxide
microstructure have not been reported for the studnaterial systems. This can be due
to the thermally grown oxide scales exhibiting achdiner microstructure. However,

this could also be explained by the fact that titerface (or surface) itself constitutes a
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fast diffusion path. It might then allow for therhogenization of the incoming species
flux under the effect of a surface minimizationvitig force.

Inhomogeneities in the chemical composition of gbstrate alloy might also
prompt varying oxidation kinetics, by inducing tleeal development of different oxide
phases. An example is the phenomenon referred se@sdary oxidation. In this case,
the depletion with time of the metal species forgrine protective oxide (Cr or Al) in the
vicinity of the oxide/metal interface eventuallyepents the selective oxidation from
taking place. Therefore a secondary oxide phaselaes, which is less protective than
the targeted one, i.e. exhibits higher oxygen arssibly metal diffusivities. Typically an
iron oxide will develop during the secondary oxidatof a high-temperature oxidation-
resistant Fe-Cr alloy. This phenomenon is likelyappear non-uniformly along the oxide
scale, thus engendering inhomogeneities in the ugirscale diffusivity and
consequently in the local oxidation kinetics. Hoeevmetallic alloy compositions are
designed to include a high-enough Cr or Al conterprevent the occurrence of such a

detrimental process (Yang, Weil et al. 2003).

0
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Figure 1.29: lllustration of oxide formation neatide scale grain boundaries. The
micrograph presents the second growth of an alusgabe during re-oxidation after
smooth polishing of the oxide layer formed in atfioxidation step.
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As seen previously, the oxide scale growth canctdyengender significant stresses
at high temperature. These stresses are likelyntaurn affect the oxide scale
development, through large deformations inducedahyiffusion creep, or through an
influence on the oxidation kinetics at the inteefla¢Evans 1995). If the effect is uniform
along the scale, this will only modify the globalate growth (and still probably its
lifetime). In a worse scenario in which the geometr heterogeneities in the mechanical
behavior or stress generation processes lead taryang stress field along the oxide
scale, a stress influence on local oxide scale tjramuld result in the development of
interfacial morphologies and an oxide scale of ooiferm thickness. These two
characteristics have been identified as being detyimental to the system’s reliability
upon cooling and thermal cycling (Evans, ClarkaleR008). Few direct assessments of
stress effects on oxide scale growth kinetics Heeen reported (Calvarin-Amiri, Molins
et al. 2000; Gosmain, Valot et al. 2001). Neverksg] stress development is thought to
be responsible for the anomalous kinetics (nonkmdi@) observed during oxidation of
zirconium alloys (Evans 1995; Favergeon, Montesiale2005), or nitridation of TiAl

(Limarga and Wilkinson 2007).

1.6.2 Methodology

Growth stresses play a key role in most mecharfaifire mechanisms. Their
generation is directly related to the oxide scalamgh, and they may in turn affect the
oxide scale growth kinetics. A full coupling exidtetween the two processes whose
extent, influences and consequences need to bestigaked. The build up of a

comprehensive, specially designed model of strésstad oxide scale growth and the
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development of an adapted simulation tool will cifmite to this task. We therefore focus
our innovative modeling and simulation efforts bistissue. The research project divides
into the following principal tasks:

i. Develop a local formulation of stress-affected exstale growth adapted to high
temperature oxidation of chromia and alumina fogratioys.

ii. Complete the local formulation with an adequate noseopic framework describing
species diffusion, growth strain development antenels mechanical response.

iii. Develop a numerical framework for implementatiohtlee model allowing for
realistic simulations.

Iv. Investigate two practical cases concerning a sotide fuel cell interconnect and a
thermal barrier coating:

— Analyze the mechanism of stress-induced morgicéd development:
investigate the main processes, identify the keysighl properties and their respective
influence.

— Study the influence of the morphological deveblgmt on mechanical failure:
investigate the effect on identified critical sses for failure mechanisms, during
isothermal oxidation and upon cooling to room terapee.

— Provide optimization tracks for the design oftafiec alloy compositions and
preparations which should allow for a longer meateifetime of the studied material
systems.

A schematic of the research project is provideBigure 1.30.
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Figure 1.30: schematic of the research project.
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CHAPTER 2

MODEL OF STRESS-AFFECTED OXIDATION

2.1 Introduction

The challenges in phase boundary propagation mmaedire extensive, since
numerous processes covering highly coupled physioatesses are usually involved.
Among them are ionic species transport within solispecies segregation, transfer and
defect generation/annihilation at the interfacegrtiodynamic reactions resulting in
phase decomposition, precipitation and growth, rapdal strain development and
accommodation, stress, cracks and cavity nucleatimat transfer, absorption and
release, just to name a few. These processes epwrat a large range of length-scales
(from the nanometer to the millimeter); they follalfferent kinetics and are controlled
by specific local and global mechanisms. Thus phemendary evolution is among the
most complex and challenging phenomena to study randel. Hopefully, in most
practical cases, a single mechanism dominatesittetids of interface evolution at the
macroscopic level.

As stated previously, the long-term growth of eckthand compact oxide scale is
globally described by the species diffusion throttghgrowing layer. The propagation of
the phase boundary is then governed by the mase@tion of the chemical reaction
limiting species at the interface. The reaction @fidation can be considered
instantaneous at the time scale of the oxide lagevelopment. However, this
thermodynamic process plays a major role in thabéishment of the local interface

composition and consequently in the setting of glebal diffusion processes. In this
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chapter, the two main approaches to a stress effiecthe oxide scale growth are
reviewed, and a specific local formulation for sg-@ffected oxidation kinetics is then

presented and derived.

2.2 Models of stress effect on oxide scale growth kinetics

Two main mechanisms have been advanced to descilbress effect on oxidation
kinetics, both affecting species diffusion. Thigustified by the fact that the long-term
oxide growth kinetics has been identified to befudibn-controlled, and it has
furthermore been shown that the free energy retebgethe oxidation reaction is such
that a strain accommodation work able to supprieesptocess would require a stress
level about two orders of magnitude higher thariclpoxide yield or fracture stresses
(Evans 1995). Consequently, a stress influencéewcliemical reaction rate is excluded.

The first mechanism considered is a stress infleemt bulk diffusion. The most
renowned model accounts for a stress-induced loaahtion of the species diffusion
potential, according to a model initially develogsdLarché and Cahn (Larche and Cahn
1982). It is based on the concept of chemical esipan a modification of the phase local
specific volume induced by the presence of diffgsspecies. This phenomenon is
modeled through the coefficient of chemical expamsiwhich can be expressed for a

species in a binary isotropic and cubic phaséy (Larche and Cahn 1985):

b= 1 av*
L 3VY ac

(2.1)

whereV? denotes the molar volume of the phaséhe subscript 0 refers to the natural
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configuration andc; is the mole fraction of specias An example of coefficient of
chemical expansion data (anisotropic expansioris tase, defined relatively to the
mass density of the metal) is provided in Figurke Gncerning oxygen in zirconium at

600°C (Favergeon, Montesin et al. 2005).

n..*"po (m3.kg)

Chemical expansion coefficients,

0 T T T T
0 100 200 300 400 500

Oxygen concentration, ¢, (kg.m)

Figure 2.1: Anisotropic chemical expansion coediints for a axisy11/po and ¢ axis,
nilpo of the hexagonal Zr-O cell at 600°%g.is the mass density of zirconium.

Assuming for simplicity that the elastic stiffnegnsor is independent of concentration,

the stress effect on the chemical potential is thedeled by:

1 (0,6,G)= 1 06.G)-1° V'q, (2.2)

where £#(0,6,C )is the chemical potential of speciesn the absence of stress, at

temperatured and molar concentratiof , ow iS the trace of the Cauchy stress tensor (it
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is then equal to three times the hydrostatic Siy&s% and;? are the molar volume and

the chemical expansion coefficient of spediés the considered phage respectively.

The simple original formulation is provided hereillastrate the modeling, but more
accurate expressions introducing the Eshelby strags since been derived (Wu 2001;
Swaminathan, Qu et al. 2007). A practical applaraton zirconium high temperature
oxidation can be found in (Favergeon, Montesinle2@05). The stress-affected oxide
growth kinetics is shown in Figure 2.2. Note thhe tchemical expansion effect is
accounted for in the metal substrate, which exéiaihigh oxygen solubility, and not in

the oxide scale.

0,03
0,025 1 -

0,02 4 ff‘
0,015 4

Oxide thickness (um)

0m . . :
0 1 2 3 4 5
Oxidation time, t (s)

Figure 2.2: Zr@ scale growth kinetics on Zr at 600°C obtained feobmechano-chemical
model based on a chemical expansion effect ongiliffu The mechanical anisotropy of
zirconium induces different stress fields dependinghe metal surface orientation,
which leads to differences of oxygen uptake inrttezal and then results in modified
oxide growth kinetics.
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Another approach considers a stress influence emtasi-equilibrium composition
at the propagating metal/oxide interface. The mplecof a thermodynamic effect on the
process kinetics, induced by the stress developmecdmpanying metal oxidation at
high temperature, has been reviewed by Evans (EV@®5). He demonstrated through a
simple direct influence on interface vacancy cotregion that the accommodation work
in response to the metal oxidation-associated velerpansion might significantly alter
and even stop the uniform growth of a zirconia filtnassumes that oxygen diffusion
through the oxide scale occurs through the motforacancies created at the interface by
the oxidation reaction. A compressive stress inotkide scale is assumed to decrease the
instantaneous oxidation rate under a thermodynafifiéct of the transformation / strain
accommodation work. This results in lower instastars oxygen consumption and
consequently a lower rate of vacancy creation airiterface. This phenomenon leads to

a decrease in vacancy concentration at the ineerfHwe stress influence on the vacancy

concentration at the metal/oxide interfacg,, is expressed through:

JhAQj 2.3)

Cv(a)=m0)exr{ =

where g, is the hydrostatic stresg)Q is the local volume variation related to the

formation of an oxide molecule over the metallibstwate k is the Boltzmann constant

and ¢ is the temperature. Since the gradient of defeacentration through the scale
drives the species diffusion, the incoming fluxoaf/gen is in turn affected. The through-
scale flux of oxygen, opposed to the one of vae@mds considering a one-dimensional

(1D) problem:
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Figure 2.3: Curves of iso-reduction in inner oxidatrate for zirconia at 773K,
induced by given compressive stress for a rangxygen pressures of the oxidizing
atmosphere. Numbers on curves give percentageimimpdation rate.

__ :_& | g, AQ )
Jo=-3, <({cv<0>exp( kej cv} (2.4)

whereDy stands for the vacancy diffusivity through thedexiscale of thicknes§ and
C, is the vacancy concentration at the outward iaterf As a result, the global

oxidation kinetics is slowed down by an in-planenpoessive stress within the oxide
scale. Assuming that the oxide scale only develiphe inner interface, the growth is

even stopped if the hydrostatic stress reacheieatwalue:

g, =ﬁln(li”] (2.5)
£Q " { C,(0)
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Introducing the vacancy concentration dependency»ygen partial pressure at each
interface, obtained from the point defect theorynap of reduction in inner oxidation
rate can be formed. It is presented for zirconigdgY at 500°C in Figure 2.3. It shows
that if the oxidation is only likely to be stoppativery low oxygen pressures, significant
reductions in oxide growth kinetics could be indlibg this mechanism under reasonable
stress levels.

The two models essentially differ by the localieatof the stress effect and the way
that it impacts the diffusion. In the first mechami the influence on diffusion is direct
and local within the bulk phase through the strgemdient. Therefore, a chemical
expansion phenomenon which would take place withenoxide scale might affect its
inward growth, if the contribution of diffusing oggn is significant, the outward
development, if the diffusing ionic metal playsign#icant role, or both. The second
mechanism is localized at the inner oxidation framd solely indirectly affects the
diffusion through the scale. Therefore it direatlypacts the inward oxide growth only.
According to both theories, a compressive stressildhresult in a decrease in the
oxidation rate and should therefore lead to a switypdic oxidation kinetics, a situation
commonly reported in our systems of interest (Buksoet al. 2001; Fergus 2005). Note
that for alumina scales developing a quite impdrtdunckness (above 3 pum), grain
coarsening has been identified as the main caueafxidation rate decrease, through a
reduction in grain boundary volume fraction whidfeets fast species diffusion (Huntz

1999; Naumenko, Gleeson et al. 2007).
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2.3 Chosen approach and general mechanism description

If both mechanisms discussed here are able tdyustally modified kinetics under
the effect of stress, the first suffers from thev ltikelihood of a significant chemical
expansion phenomenon in chromia and alumina scaldsch present very low
composition defect concentrations (Birks, Meier at 2006). Furthermore, this
mechanism is even more questionable within gratmbaries which exhibit a different
microstructure than the bulk with numerous struadtalefects, and which constitute a
significant if not dominant diffusion path in theide scales considered. Therefore an
approach considering a stress effect on the quasiaium composition at the
metal/oxide interface is chosen. This phenomentectsf the oxide inward development
only, and consequently it affects only cases incWla significant inner oxidation occurs.

The growth of an alumina scale in the thermal barcoating environment occurs
mainly at the oxide/metal interface through theecliroxidation of the metallic bond coat
(Padture, Gell et al. 2002; Busso and Qian 200&)stMommercial chromia-forming
alloys considered for SOFC interconnects now inelueactive elements (as yttrium,
cerium and lanthanum) or their oxides (Yang 2008 additions in minor proportions
of these elements have demonstrated dramatic eff@ct oxide scale development,
particularly in terms of growth kinetics, morphojognd microstructure, as well as on
stress generation. These effects can lead to signifimprovement of the interconnect
lifetime. However, in this situation the chromiaakes have been proven to develop by
significant if not dominant direct (inward) oxidati of the metallic substrate, unlike

regular chromia scales which essentially grow outwat the free surface (Hou and
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Stringer 1995). Consequently, the oxidation atrtietal/oxide phase boundary becomes
more critical.

It is noteworthy that a significant inner growthshaso been related to the presence
of water vapor in the atmosphere (Essuman, Meiat. 007) (which is necessarily the
case at least at the anode side of the fuel cadrevivater is formed). Our review of the
oxidation of thermal barrier coatings and SOFC rogenects points to the primary
importance of the oxide scale/metal alloy interfaz@phology in mechanical failure. A
non-uniform inner oxidation might play a major rofe roughness development at the
phase boundary. Furthermore, this interface islfike be highly stressed due to
mismatches in material properties and local volwasgations induced by oxidation and
diffusion processes. Thus, modeling a mechanisrmtrelss-induced non-uniform inner

oxide scale growth is of primary interest.
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Figure 2.4: Schematic of the vacancy generatiorhar@sm associated with oxidation at
the metal/oxide boundary.

The oxygen consumption during the oxidation reaceémgenders the creation of
vacancies at the oxide boundary, see schematiacd=@)4. Oxygen ions associate with
metal atoms to form oxide molecules at the intexrfachis process is limited by oxide
phase stability. As mentioned previously, the oxptlases considered can only sustain a

limited vacancy density, whose maximum bound cpoeds to the dissolution
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composition (i.e. metal/oxide phase equilibrium pogition). The created vacancies
diffuse counter to oxygen ions towards the freefag@ exposed to an oxygen-rich
atmosphere. The oxidation chemical reaction beinghiaster than the species diffusion
through the oxide scale, a quasi-equilibrium contfmos can be assumed at the phase
boundary, equal to the metal/oxide phase equilibrilihe inner oxidation process is then
limited by the local “availability” of oxygen at ¢hinterface, and consequently the
oxidation kinetics is controlled by the diffusiohrough the oxide scale. As a result,
coupled quasi-equilibrium concentrations of oxygead vacancy rapidly establish at the
metal/oxide boundary. These are maintained dutiegaxide phase propagation while
guasi-steady state gradients slowly evolve withakide scale thickness. The situation is
illustrated in Figure 2.5. The mechanism proposem lfior a stress influence on the local
oxidation kinetics relies on a deviation from théress-free quasi-equilibrium

concentration induced by the mechanical state extptiopagating interface. Since the
gradient of concentration drives species diffusite, local incoming flux of oxygen at

the phase boundary is in turn affected and evdgttlad oxidation kinetics (oxide phase

propagation) is locally modified.
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Figure 2.5: Quasi-steady state composition gradiegntigh the oxide scale, oxygen
diffusion and consumption in oxidation and oxideagd propagation over the metallic
substrate. The stress-induced variation of thefate quasi-equilibrium concentration

considered in the model is shown.

It is important to notice that the situation is m@omplex when problems of two or
three space dimensions are considered. In thess cddnterest here, the oxide scale
geometry might be non uniform, and the compositiught vary along the metal/oxide
boundary, notably under the effect of a stressilerébom the model proposed. Therefore
in-plane diffusion gradients will form. The conseque on the previously described
mechanism is that the composition correspondinthéometal/oxide phase equilibrium
might not be allowed to establish at all times aothts of the metal/oxide interface. A
local minimum in oxide scale thickness or in inéed oxygen concentration will alter the
diffusion field by forming higher gradients, ancethlocally concentrate incoming mass,
as illustrated in Figure 2.6. Note that the integfaonstitutes a fast diffusion path (as
grain boundaries) which might here play a significeole. As a result, the dynamic

evolution of diffusion and phase propagation preessvould induce local deviations in
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phase boundary composition. A non-equilibrium gitrais then to consider at the

propagating interface.

Oxygen fluxes:

! —> Bulk
! diffusion
Fast
: interface
diffusion
41 nmosphere

i Oxide Scae

Figure 2.6: Schematic of the redistribution of imtng oxygen fluxes at the metal/oxide
boundary induced by composition variation alongititerface.

In order to model the stress contribution on theerflace composition, a local
thermodynamic treatment of the phase boundary gadfn is performed, allowing for
the simulation of a complex non-uniform phenomendn.continuum mechanics
description of a dissipative sharp interface prepiag is derived to include the influence
of the stress state and phase transformation acodation work on the phase boundary
propagation kinetics (Saillard, Cherkaoui et al020 This thermodynamic approach,
extensively developed over the last decades (seed(nd Gurtin 2004) for general
treatment and references), allows for a direct rijgtsan of the stress, composition and
morphology influences on the local interface motametics. A practical example can be
found in (Fischer, Simha et al. 2003) for an ausitepferritic phase change at 800°C.

Very few works have considered a mechanical cogplimith phase boundary
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propagation during high-temperature oxide scalewvtyro Garruchet et al. derived an
interfacial thermodynamic model to investigate #aa of epitaxial stress on the growth
kinetics of a ZrQ@ layer on a zirconium substrate at 600°C (Garryckiemntesin et al.
2004). Creton et al. used a similar approach tedtigate stress development associated
with the oxidation of an uranium dioxide substrate300°C (Creton, Optasanu et al.
2009). On top of the classical free energy changdgeu small strains, the derivation
presented here considers the mass diffusion flukes, mass consumption and the
deformation work during the phase transformationcpss, and it incorporates the

contribution of the possible large volumetric strassociated with the metal oxidation.

2.4 Timescaleanalysis

Several processes are involved in the mechanisstregs-affected oxidation. They
act at different length and time scales which asential to assess in view of developing
a coherent model at the length scale of interestf®us here on the oxide scale growth,

driven by diffusion through the oxide layer. Thadéh scale of interest is therefore the

micrometer. From Fick’s second law, the time sadla diffusion processz,, , iS given

by:

— Xdiff

(2.6)

z-diff

O

where y,, is the associated diffusion length scale @hds the diffusivity of the

considered species in the given medium. From massetvation at the propagating

phase boundary, equation (1.10), and assumingefumibre a negligible solubility of the
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diffusing species in the parent phase (oxygen @ rttetallic substrate here), the time
scale for the oxide growth is:

CI

Z—grow‘(h = T)(growth' (27)

Here C' denotes the concentration at the interface, &l the incoming flux, of the

species controlling the phase boundary propagalibis expression assumes that the
local oxidation reaction is much faster that thetoalling diffusion process, so that it can
always be considered at steady-state at the oxmletly time scale. This assumption is
justified by the fact that the oxidation reactiater at high temperature is much higher

than the time scale for the ionic diffusion throubh solid oxide.

Finally, Fick’s first law allows expressing thefdi$ion species flux,) ; , as:

AC:d iff

Jaw =D
o it

(2.8)

where AC,, is the species concentration variation over thesicered distancey, .

Assuming that the oxide growth is controlled byiragle species diffusion, equation (2.7)
can be combined with equations (2.8) and (2.6)ally

CI

4 =—T -
growth diff
ACdiff

(2.9)

The considered phases, alumina and chromia, exhibéry high stoichiometry (Birks,

Meier et al. 2006). As a consequence, any variationoncentration within the oxide

scale is small in front of the concentration valaeg thereforeAC,, < C'. Thus the
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oxide growth is much slower than the driving difursprocess. The phase propagation is
even slower compared to the diffusion process tjinothe phase boundary, whose
thickness is of the order of the nanometer (a meter length scale is considered for the
oxide growth-driving diffusion). Therefore a cheadicomposition equilibrium can be
considered through the interface.

In a one-dimensional description in which the oxmsimle development can be
directly related to a simple diffusion through tgewing layer, a quasi-steady state
concentration gradient then establishes, as prelialiscussed. The concentration at the
propagating boundary is constant and given bydbal phase equilibrium.

This simple local equilibrium can no more be assiimea more complex case in
which stress and geometry evolutions affect thallghase equilibrium composition.
Indeed, the diffusion processes being much fakesn the oxide phase propagation, the
respective times for response to a stress or gepmatiation will significantly differ,

resulting in a dynamic non-equilibrium situation.

2.5 Mechanical description

A control volume is considered, undergoing a pldmge such that at tinbehere

is a surface,l'(t), which defines the boundary between the untramsfdr(Q") and
transformed(Q~) volumes of the material (see Figure 2.7). Durihig process/ (t)

propagates through the material with a veloeity with a normal component defined by:

v, =V, [h (2.10)

n

wheren is the normal vector to the interface.
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Figure 2.7: Discontinuity in current configurati@n moving with a velocityv,. .

The volume considered is modeled with two continumetdia separated by a sharp
interface, as shown in Figure 2.7. The locatiortaescfor each particle in the reference

configuration are given by and, at timet, by y, respectively. Then, the displacement

of the patrticle is:

u(x,t) =y(x,t)—-x, (2.11)

and the corresponding deformation gradient and maateslocity at timet are:

F=d,y, (2.12)

v=0u. (2.13)

83



The quantities in the undeformed or reference gonéition will be identified by a
subscript zero, see Figure 2.7. Since continuumarege considered, any volume change
is the result of a mechanical deformation, such tha volume ratio of the current

configuration to the reference one can be obtaihexigh the deformation gradient:

det(F) = (2.14)

v
VO
The interface is assumed coherent at the continm@ohanics description scale,
implying that y(x,t) is continuous across the interface, but that théenal velocities
and the deformation gradients are discontinuousigisubscripts + and — for the limiting

values of a quantitg when the interface is approached from & and Q™ domains,

respectively, its jump is:
[a]=a" -a onr (). (2.15)

The discontinuities of the velocity and the defotiova gradient can be related through

the Hadamard compatibility condition:
[V]=-[F] nv, o (. (2.16)

For a local and updated description of the volulm@nge associated with the phase

oxidation, an effective measure is employEd,, obtained through:

|_|I = Ve;‘ = detQ:_ ) (217)
V' detF")



whereV,, stands for the volume of the transformed and accodated phase, equivalent

to the volume of the original phas€ before its oxidation.

The global or weak form of the balance of linearnmotum for quasi-static
conditions requires that the equations of motiorthie deformed state be such that the
vector sum of the external forcésn Q is equal to the rate of change of momentum.
Application of the divergence theorem in the abseot body forces on any arbitrary

volume Q leads to:
[ df=0=] on,ds=]_ div(o)dV, (2.18)

where o represents the Cauchy-stress tensormnds the outward normal vector at the

external boundary. At points where the displacesjant vary smoothly, equation (2.18)

leads to the equilibrium condition:
div(o)=0=0. (2.19)

Finally, the equilibrium condition at the solid-gbinterface requires that, if any surface

stress phenomena are neglected, the tractiomust be continuous across the boundary:
[t]=[o]n=0  onr (.. (2.20)

Note that when the system can be considered itostasic equilibrium, a surface tension

term must be added across a curved interface (Aunighdettestuen et al. 2008):

[t]=[o]n=-y, kn o ( (2.21)

85



wherex represents the local interface curvature and the phase boundary interfacial
energy (then typically named surface tension). H@amethis situation results from a
global configuration equilibrium which can only behieved at any time by liquids and
sufficiently accommodating purely elastic solidsemntthe phase boundary propagation is
much slower than the elastic relaxation time fag Hystem. It is not valid for visco-
plastic and low accommodating solids which can ma&na non-equilibrium interface

morphology.

2.6 Chemical description

The considered volumeQ, is composed of a different phase on each sidineof
sharp boundary (t). In the considered materials at high temperatuw#) ionic species
and defects diffuse within each phase bulk andutfindhe interface.

Mass conservation in the absence of volume massesau sink requires that in the
deformed state the sum of the external mass floreQ be equal to the global rate of
change of concentration. Application of the diverge theorem on any arbitrary volume

Q leads to:

'[Q(div(Ji) +%) dv =0 (2.22)

where J, and C, represent the species flux vector and concentratiespectively. At

points where the concentration vary smoothly, eéqunaf2.22) leads to the equilibrium

condition (local mass balance for a given specjes
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EZ—div(Ji):—D 0. (2.23)
dt
The two phases are assumed to present distinctichlecompositions, such that the
propagation of the child phase over the parentlocedly induces mass “trapping” within

the formed material and “release” from the dissdlvane. The local mass balance

associated with the phase boundary propagationes dpy:
[o;m]={c"-n, G} v (2.24)

The global mass conservation for a specdiesver a volume embedding the phase

boundary is then:
dC . .
IQO(DE]]i+d—t'jdet(F) dv, =] (-[3m]+{c'-n,G} y) ds (2.25)

The terms involving concentration in this expresgienote the two contributions in mass
storage during the phase boundary propagation: epheensformation and phase
composition change.

The model of a sharp interface requires conditiefeting the chemical potentials on
each side of the discontinuity. At this point, #hes a need to differentiate interstitial
species from those occupying regular lattice sidésp known as substitutional species
(Mullins and Sekerka 1985; Fried and Gurtin 20@4)e to the lattice constraint, i.e. the
conservation of the finite number of lattice si@gilable for a given substitutional
species, these species can only diffuse througiicancy mechanism. Thus the flux of a

substitutional speciads coupled with an opposite flux of vacancigs v
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J,, ==J; for any substitutional specie. (2.26)

The diffusion potential of substitutional speciedso called relative or virtual
potential, is then defined by (Lankhorst, Bouwmeest al. 1997; Swaminathan, Qu et

al. 2007):
Bo=p 1, (2.27)

This potential can be used instead of the trueispgmtential in energy balances to avoid
dealing directly with defects. The diffusion pot@hbf interstitial species is assumed to
reduce to the chemical potential. The local chehgqgailibrium at the phase boundary
requires that the diffusion potentials be contirsicacross the interface, for both

interstitial and substitutional species:
(4 ]=0, (2.28)

in which the relative potential must be used fdoitutional species (Fried and Gurtin

2004).

2.7 Driving forcefor phase boundary propagation

The propagation of the phase boundary is accomgadnyean energy dissipation,
whose value per unit length of propagation consgtgtthe driving force for the process. It
is derived in this section. The control volume disxl in Figure 2.7 is considered to

undergo external mechanical forces and mass fliXes global rate of dissipatiof, is
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given by the difference between the rate of extenmak (in a general thermodynamic

sense),P,, and the rate of change of the total Helmholte &aergy,¥ :
G=P-V. (2.29)

Note that this formulation assumes isothermal doomaé and constant kinetic energy for

the body.

2.7.1 Power of external forces

In the absence of body forces, the power is thatldped by the external forces on

the boundaryoQ and by the flow of diffusing species across:
P=[ _tvds-[_pJm, ds (2.30)

where t is the traction,v is the material velocity, angz and J, are the diffusion
potential and flux, respectively, of any diffusisgecies through the external boundary of
outward normal vecton, . Furthermore, the Einstein notation is used sotti@adouble

indices indicate a summation over the species. ,Then

tv dS= on, |V dS= ov)h, d. (2.312)
Jutmas=[, (on) ds=[ (o)
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Figure 2.8: Thermodynamic forces on the domain damnand the interface.

Application of the Gauss theorem on the dom&n as described in Figure 2.8,

embedding the surface discontinuify and subjected to the action bf:(av—,uiJ.)

yields:
P =] 0Qov-£3)dv+[[(ov-49)]m ds (2.32)
Furthermore,
[ov]m=[cn]=0nlv] (2.33)

sincec’n=o n=0on overl by traction continuity (equation (2.20)). Thisrtecan be

rewritten in terms of the Hadamard compatibilityhdiions (equation (2.16)) as follows,
onlv]=-on{F]nv,. (2.34)

An admissible discontinuity in the deformation gesds across the interfade requires

that
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[F]On. (2.35)

Thus, letr be an arbitrary proportionality vector so tI{Et] =r On, where the tensor

product is usedfall b)ij =ab . Substituting into equation (2.34) leaves:
onlv]=-onfrOn)nv, =-c:[F]v,. (2.36)
where : represents the double contraction operatér:B=AB). Moreover, the

continuity of traction at the interface allows thector to be expressed through the limit

values of the stress tensors within the continwlmmains:
on=%(c"+o’)n (2.37)

Additionally, the continuity of diffusion potentmlat the interface, equation(2.38),

along with the local mass balance, equation (2yadis:
(43 ]m=a{c -G} y. (2.39)

Introducing the developments into equation (2.38g surface integral of the power

dissipation over the phase boundary is:

Per:jr[—%(a*+J‘):[F]—,Ui{C.+‘r||Q_}j\( ds. (2.40)

2.7.2 Time evolution of the Helmholtz free energy
The time evolution of the Helmholtz free enerdly, can be written in terms of the

total free energy densitiy:
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o d
b jQde. (2.41)
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Figure 2.9: Infinitesimal time evolution of the sy,

As illustrated in Figure 2.9, the change of thaltétee energy with time includes three

components: one associated with the time variatibthe total free energy density
within Q™ and Q", i.e. Q overall; and two others associated with the chang®lume

of the domain€)™ and Q*, due to the motion of the external boundary on tvared, and

of the interfac€& on the other hand:

V(. (2.42)

n

Sl av= [ S ova ], won, as [ { -, v}

The local motion of the system’s external boundzay be rewritten in terms of a small

change in the global volume:

d d
v[h,dS= E( dv) = a{det( F)} dy. (2.43)
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Consequently, the two first terms on the right hande of equation (2.42) can be
combined and the time rate of change of the HeltnHode energy can be written as the
sum of two integrals, one over the original domaind another over the present phase

boundary surface:

= jQO%{Wdet(F)} dv - [ {w-n,w} yd (2.44)

Only the last term is related to the phase boungdesgagation and is then of interest

here. The total free energy densliy includes contributions from the stored elastic

energy densityW¢, and the chemical free energy density,
WE¢ = MQ , (245)

where £ and C. stand for the chemical potential and concentratiespectively, of any

specieq present in the phase considered. Note that th&tdtmnotation is again used so
that the double indices indicate a summation overspecies. At the interface, a specific
thermodynamic force induced by the gradient of looarvature along the interface
applies, tending to flatten the boundary in oraderaduce its surface and thus the global
interfacial energy (Mullins 1957). This effect che directly introduced in the time
evolution of the free energy induced by the phasentdary propagation, which then

overall can be expressed by:
= (e -ng o {wer-n wel ey ) s (2.46)

wherex represents the local interface curvature amslthe phase boundary energy.
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2.7.3 Driving forcefor phase boundary propagation

The global rate of dissipation induced by the pHamendary propagation can now

be obtained by substitution of equation s (2.4@) @»46) into (2.29):

Gr=F{—u‘f=jr[-ﬂi{cr—n|cr}+{u*¢—n.u‘c}+w
(2.47)
2(0 +07):[F] {We*—I'IlW‘*‘}j\g ds

The term within brackets represents the energyipditsd by the phase boundary local
propagation for given compositions as well as tiness and strain situation on each side
of the sharp interface. The three first componastount for the diffusion of species at
the interface, the chemical reaction taking platethe phase boundary and the
morphology of the discontinuity, respectively, vehihe two last include a contribution of
the local mechanical stress state. Overall thetttote the driving force for the phase

boundary propagatiof,:

fi=-a{C -NGlH{u e -nuclray

2(0 o) [F] +{we -nwe) (2.48)

It can be deduced from this formulation that irtieed species do not contribute to the

driving force (& = ¢ so the term cancels with the chemical free eneifgy) that only
substitutional species contribute through the vegampotential @& -4 =-4, ).

Assuming that oxygen is the only species diffugimgpugh a vacancy mechanism at the

interface, we obtain:
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f :{y;cg—u;rl,q;}w( % —é(a*+J‘):[F]+{VV‘*‘+—I'I,V\F"} (2.49)

The driving force for the phase boundary local pgaiion then includes two stress

contributions: the work required to complete théodwation associated with the phase

transformation at the stressed interfi er’ +J‘) : [F] , and the change in elastic energy

of the transformed volume over the procéﬂpwe" —We’*} .

2.8 Phase boundary propagation kinetics

Under purely elastic and isothermal conditions, keond law of thermodynamics

requires that off,
f,v, 20, (2.50)

and implies that, when the driving force is diffgré&rom zero, the motion df induces
dissipation. We can note that this statement ibaisty too restrictive for most solids
undergoing inelastic deformation. In such casesntbtion of the interfacE is expected

to start when
f,=f;, (2.51)

where f; is a threshold value related to the nature ofriteraction between the moving

boundary and different types of defects. The aafu&ing force for the phase boundary
propagation must then be defined as the differéeteeen the two terms. Since we are

interested in the stress influence only, the dgviorce corresponding to a flat stress-free
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phase boundary is denotéd in order to highlight deviation terms:

flO :{/'13+C5 ‘,U\?”. Cc_)} -k (2.52)

We assume furthermore that the local oxygen conggmh deviations at the phase
boundary remain negligible in front of the referemalue, which means that the vacancy
density is much lower than the oxygen concentratbrthe oxide interface. This is
justified by the fact that the considered oxiddsjyména and chromia, are known to
exhibit a very high stoechiometry (i.e. a very loamposition defect density) within the

bulk (Birks, Meier et al. 2006). This property issf extended here to the interface. Then

{cg —I'I,C(;} is constant, as well ag°, and the driving force for the phase boundary

propagation can be rewritten:

f, = flo +{(/J\J; _/U\(/)+)Co+ _(/J\; —/JV&)l_llC;}

) . (2.53)
+K Y, —E(a+ +o ) [F]+{wer -mwer)

The second term on the right hand side is introdiuioeaccount for the non-negligible
effect of vacancy density variations on the defbemical potential.

For a quasi-static one-dimensional problem, quasikérium can be assumed (see
discussion in the global model description) andefoge the phase boundary composition

can be obtained through the resolution at any whéhe equationf, =0. However,

under the non-equilibrium thermodynamic conditievisch prevail here, the kinetics of

phase transformation needs to be defined as aikirgation between the rate, at

which the weak discontinuity moves and the drivingce. Considering a quasi-static
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propagation processf, =0, a linear kinetic relation is assumed (Fischeml&i et al.

2003; Fried and Gurtin 2004; Angheluta, Jetteseteal. 2008):

v.=M,f (2.54)

where M, is the phase boundary mobility and constitutesemperature-dependent

parameter for the phase boundary propagation pgoces

2.9 Comments

The formulation derived is local and treats the ppigation of a sharp phase
boundary associated with solid phase transformatiors important to note that this
formulation applies to a mesoscopic scale, at whartinuous bulk properties and fields
can be defined. It then theoretically applies tonanocrystal. The considered phase
transformation, metal oxidation, induces a compmsitchange. Therefore mass
conservation, equation (2.25), must be resolvechgalavith the phase boundary
propagation, equation (2.54). Thus, a stress-indldesiation in the propagation kinetics

is locally coupled with a composition variationucter-balanced by species diffusion.

Oxidation at the outer interface does not involekdsphase transformation since the
oxide is exposed to a gaseous phase or a coatyeg \ehich is not consumed during
outward oxide growth. A phase growth takes plaeenew oxide is formed on top of the
existing oxide surface, possibly pushing upward twating layer if present. The

formulation derived does not apply for such a psscé simple mass conservation of the
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oxide-forming metallic ion (Cr or Al) with a consitaboundary concentration can be

employed or a specific formulation should be detit@include a stress contribution.

Finally, it is important to note that no assumpti@ve been made on the mechanical
behavior and associated constitutive formulatiamghe two involved phases, aside from
a continuum mechanics framework. The interfaceldesen assumed to be coherent, but
this condition can be removed if a non-dissipativietionless) slip can be considered, as
demonstrated by Fischer et al. (Fischer, Simhd @083). Also no specific formulation
has been defined so far for the vacancy chemidaingal. Therefore the model derived
can be applied with a broad range of mechanical @mmical models for the two

involved materials.
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CHAPTER 3

PHENOMENOLOGICAL & NUMERICAL FRAMEWORK

3.1 Introduction

In order to practically apply the developed modedteess-affected inner oxidation, a
macroscopic phenomenological framework must benddfiand a numerical method set
up in order to perform global realistic simulation§ high temperature oxide scale
growth. A flowchart presenting the different prosmes of the global model and their
interactions is presented in Figure 3.1.

The purpose of the macroscopic model is to capgheessential processes involved
in oxide scale growth and related stress developménle introducing the most influent
physical and particularly material-dependent patarse Species diffusion is the main
process, since it controls the rate of oxidatione Tontributions of fast-diffusion paths
like grain boundaries and interfaces must be iredudrowth strain development within
the oxide scale associated with the oxidation m®should also be included, since it has
been shown to be the most likely dominant phenomémthe establishment of the stress
level at oxidation temperature, at least underhiswhal conditions but probably also
under thermal cycling. Finally, an adequate elastoe-plastic behavior must be defined
for the oxide and metal materials in order to abtairealistic response to the growth

strain development.
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Figure 3.1: Flowchart presenting the global modetpsses and their interactions.
Specificities about the models are included in doey.
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The build up of a numerical framework for the siatidn of realistic cases with the
developed model has constituted a major task efwhirk. In fact, the time evolution of
the stress/strain and diffusion fields must be Ivegb within the two distinct phase
domains, separated by a sharp boundary propagaterghe parent phase. For complete
simulation capacities based on the developed motledtress/affected oxidation, the
phase boundary propagation should depend on tHeieystress and diffusion fields on
each side of the sharp discontinuity. The inducesdlification of the material system
geometry along with the generation of phase transition strains in turn affect the
continuous fields. Therefore a complete couplingoisbe resolved. In addition, local
processes occurring along the phase boundary lmabe taccounted for, such as fast
diffusion along the interface and phase transfolonatolume strain, which render the
numerical problem even more complex. A specificuisanion tool has been built based
on a finite element method coupled with an extemoaitine for the phase boundary

propagation.

3.2 Massdiffusion framework

3.2.1 Diffusion in ionic solids

A classical formulation for composition driven sgscdiffusion through thick film
(thickness above around 0.1um (Atkinson 1985)) uimgtghermal conditions considers

the chemical potentials as the driving force. The particle or defect cotrgensity can

then be expressed by (Atkinson 1985):
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C
J =-Df =[] 3.1
1 | Rﬁ M ( )

where D? is the isotropic diffusivity of speci@sin phasep, R is the molar gas constant

and @ is the absolute temperature in Kelvin. Local eotutrality is assumed in this
formulation, which is a reasonable assumption fodes at high temperature considering
that electronic charges circulate much faster tloaic species (Atkinson 1985). The
chemical potential is obtained assuming furtherntoa¢ the defects are in ideal solution,
thus neglecting their self-interaction. This hypests is only valid for a very low defect
density, which is the case for vacancies in chraamnich alumina crystals (Birks, Meier et

al. 2006). Under these assumptions the chemicahpat can then be expressed by:
1 =4 +RoIn(¢) (3.2)

where 1 is the standard chemical potential of speciesa reference state of phase and

temperature, and is the species mole fraction, defined by:

ol :n_i:—q chr (33)

where n is the number of moles of speciefor a given volume considered, and the

subscript total’ stands for the summation over all the presentcisge The

approximation is obtained assuming that the contiposiof the phase deviates only
slightly from the stoechiometry (i.e. the speciedenfractions relative variations over the
domain are small) and that the phase specific velisnalso quite uniform. Then the total

concentration of atoms is approximately constantl dhere is a proportionality
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relationship between species mole fraction and ewination. Note that combining

equations (3.1), (3.2) and (3.3) leads to the makEick’s first law,

J, =-D’0C, (3.4)

which is then recovered with the assumptions made.
Oxygen anion diffusion is considered in this work. is assumed to be a
substitutional species, diffusing through a vacamsgchanism. Thus, its diffusion

engenders the creation and annihilation of vacaneied a diffusion potential should be
considered in equation (3.1)j4, = 4, — 4, (Lankhorst, Bouwmeester et al. 1997;

Swaminathan, Qu et al. 2007). However, under a \@mydefect density as discussed
above for alumina and chromia, the atomic speaasribution to the diffusion potential
is negligible and the diffusion process can be rremtlby only accounting for the defect

species alone (Swaminathan, Qu et al. 2007).

3.2.2 Fast diffusion pathsin polycrystalline solids

1akl 48,806 Ik WO13

Figure 3.2: Cross-section SEMs of A) an alumindestaimed on a FeCrAlY alloy and
B) a chromia scale grown on a FeCr substrate.
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Alumina and chromia scales developing at high teatpee on metallic alloys
exhibit a polycrystalline nature, as shown on therographs provided in Figure 3.2 A)
(Clarke 2002) and B) (Mikkelsen and Linderoth 200Bherefore two diffusion paths
exist through the oxide scale: grain bulks andrgtaundaries, as illustrated in Figure
3.3. This is also the case for the metallic substndnich is most of the time a polycrystal.
Furthermore, the metal/oxide interface also comstst a specific diffusion path. While
grain boundaries as well as the phase boundarypgogery low volume fractions, they
present much higher diffusivities, such that theantribution can generally not be

neglected (Tsai, Huntz et al. 1996).

Figure 3.3: lllustration of fast diffusion pathgrieed by grain boundaries in an alumina
scale.

The grain boundary contribution is classically ud#d by considering a
homogenized formulation for the diffusion throudite tmaterial layer. Grain boundaries
are introduced through their volume fraction (asalar if only one direction of diffusion

is considered),
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f, =k GS

(3.5)

in which wyy, is the grain boundary widtl&;Sis the average grain size (over the whole
oxide scale or locally over an in-plane sectioa Wariation of the parameter through the
thickness is considered) akds a coefficient related to the grains geometsyally 2
(Naumenko, Gleeson et al. 2007) or 3 (Huntz 1988¢n the total flux through the oxide
scale is obtained by considering two independdfusion processes, one through a grain
bulk and the other through a grain boundary, andraipng a weighted sum of the
contributions using the grain boundary volume frattAn effective diffusivity can then

be defined:
D" =(1- f,)D° + f,D (3.6)

where D? and D? stand for the speciédiffusivity within the grain bulks and the grain

boundaries of the oxide material, respectively. Vakdity of such a formulation is only
direct for one-dimensional models. It is justifiedre for a 2D model by the fact that no
significant roughness of the oxide/metal phase bdaon has been reported in direct
relation with grain boundary locations, despitengigant grain sizes with respect to the
oxide scale thickness and the important differanagiffusivities between the two paths
(Tsai, Huntz et al. 1996; Naumenko, Gleeson eR@07). This proves that in typical
cases the fast diffusion along the interface operatlarge redistribution of the incoming
species flux along the boundary, resulting in aequiniform oxide growth. Therefore

such a homogenized formulation is employed forgihenomenological framework.
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Figure 3.4: Interface diffusion model and illusiwatof a significant local variation in
oxide phase propagation induced by large redidiabwof the incoming oxygen flux
along the phase boundary.

The fast diffusion along the metal/oxide boundaryf particular importance to our
model, since it allows for a large redistributidrtle incoming flux at the interface. Then
in the situation of a stress-induced non-uniforncarecy concentration along the phase
boundary, it may engender significant local vaoasi in the oxide propagation, as
depicted in Figure 3.4. The diffusion along theerfdace is included through a 1D path
following the boundary between the metal and oxidase’s domains. In order to obtain

the diffusion flow, the path is attributed a seotiov, , which stands for the phase

boundary thickness, and a specific diffusivify, , is applied:

J == G O, (4) (3.7)

where J/ is the flux of speciesalong the interface (per unit thickness of thedzinain)

and I, is the tangent gradient along the interface.
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3.3 M echanical framewor k

3.3.1 Growth strain development

Og_:‘ g Seconfiary »:?xif:le
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Figure 3.5: Schematic of considered growth straimegation mechanisms.

Two mechanisms of strain generation during isotlarroxide growth are
considered. They have been chosen because theyoatdikely to induce high stresses
at high temperature, possibly affecting the oxidales development and contributing to
its precipitated mechanical failure. The two medtiams are a local volume change
associated with the metal phase direct oxidatiothatmetal/oxide boundary, from the
original theory of Pilling and Bedworth (Pilling drBedworth 1923), and a local strain
resulting from secondary oxide formation within @iscale grain boundaries, following
the concept initially introduced by Rhines and W@thines and Wolf 1970). These two
mechanisms are discussed in the review sectionrowtly stresses. A schematic is
provided in Figure 3.5.

The possibly large volume eigenstrain induced lgatfialloy oxidation is likely to

greatly influence local stress development at tleatfoxide boundary. Furthermore, it
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induces a direct coupling between local stresasdn and phase boundary propagation
which might significantly affect local oxide phadevelopments. We consider here an
effective measure of the volume ratio, dendiedoossibly including additionally to the
Pilling-Bedworth ratio other chemical contributioms volume change, as for instance
from interdiffusion of species at the interface @opanying the oxidation reaction
(Kang, Hutchinson et al. 2003; Suo, Kubair et &03). As mentioned previously, the
free energy released by the oxidation reactiou¢h shat a strain accommodation work
able to suppress the process would require a deeskabout two orders of magnitude
higher than typical yield or fracture stresses (Bvd995). Consequently, the volume
eigenstrain associated with metal phase oxidasospontaneously accommodated as it
develops. This generally results in the developnoéran anisotropic strain, exhibiting a
main component in the direction of “easiest” expamsSuch a phenomenon has been
identified in experiments in which the strain depsd essentially along the global
direction of free expansion, i.e. towards the fseeface (Huntz, Calvarin Amiri et al.
2002). In this situation, the oxidation strain csimply be modeled as transversely

isotropic with a main component on the surface rmbwector:

g 0 0
=0 £ 0 (3.8)
0 0 ¢&"

where " represents the transformation eigenstrain in tiiection normal to the

interface (% for instance here), and” the one in the tangential directiong @nd x).

However, in a more general case and in order tehbeescribe local developments at the

interface, no arbitrary anisotropy should be erddrcTherefore we consider here the
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development of an isotropic volume eigenstrain. @hirced true volumetric strain is:
n_1
£ -gln(ﬂ) (3.9)

It is simultaneously accommodated by elastic arabt relaxation processes, which

might result in an overall anisotropic developmeithe large eigenstrain.

Grain Grain

Oxide grain size, d

| Alfoy

Figure 3.6: Schematic of Clarke’s model describmglane growth strain development
induced by the climb of edge dislocations alonglexscale grain boundaries.

The concept of a strain rate resulting from secondaide formation within oxide
scale grain boundaries has gained considerableesttever the last decade, because it
allows description of the development of a largglene strain with isothermal oxidation
time, inducing in turn the raise of high stressed/ar large deformations in agreement
with experimental observations. The most renownedehfor the phenomenon (Balint
and Hutchinson 2005; Jedlinski 2005; Zhu, Fleclkalet2005; Busso and Qian 2006;

Panicaud, Grosseau-Poussard et al. 2006; Hou,kBawét al. 2007) was developed by
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Clarke (Clarke 2003). It describes the generatiomlateral growth strain, considering an
in-plane homogenized one-dimensional domain. Trdedying mechanism proposed is
the climb of edge dislocations having a Burgerstare@arallel to the oxide/alloy
interface, in response to trapping of counter-diffig cations and anions at the core of
the dislocations. A schematic of the mechanisnrasiged in Figure 3.6 (Clarke 2003).
In this model, it is assumed that only a negligipéet of the diffusing ions are consumed
in the process, so that it doesn’t affect diffusituxes and the resulting main scale
growth. Concurrent inward oxygen and outward catiffusions along grain boundaries
are required for this mechanism; however, the logale formation rate is assumed to be
limited by the flux of the slowest diffusing spexienly. Following the development of
Clarke, the local in-plane growth strain rate assgna homogeneous oxide phase is

formulated as:

£ 0 0
£%=1 0 0 0 [, with &®¥=A I (3.10)
0 0 &%

where Jg" is the flux of oxygen ions within the oxide scaled A, is a constant setting

the amplitude of the growth strain developmentsTatter theoretically accounts for the
volume fraction occupied by grain boundaries (ih dze explicitly introduced as a

proportionality constant), the density of edge atiations along a grain boundary, the
frequency of the slowest diffusing species trappenxent, as well as geometric
parameters relative to the development of an aatgatin-plane strain. In equation (3.10)
the metallic substrate surface is considered tbailp lay within the (x, xs) plane, which

then defines the global in-plane directions fordl&le scale.
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3.3.2 Metal and oxide behaviors

In order to assess the stress influence on theataid process, it is essential to
provide a mechanical framework as realistic asiptessA classical elasto-visco-plastic
behavior is here employed for the mechanical resparf each material. The model
retained combines uncoupled linear elasticity, -natiependent plasticity and creep.
Small elastic strains and isotropic behaviors asumed and the rate of deformation is

taken as a strain measure. Hook’s law relatesrtiee(Cauchy) stress tensar,, to the
elastic (logarithmic) strain component?, through the fourth-order elastic stiffness

tensor,C:
og=Ceg". (3.11)
A strain additive decomposition is then used:

ge=¢g%+g% +¢g” (3.12)

in which €% represents the growth strain aatl stands for the plastic accommodation

strain component. Incremental plasticity formula@re used, and both rate-independent

plasticity and creep are modeled through the M#de=ss potential and associated flow.
The stress potential is then the equivalent den@tstress, g, =,/20,:0,, where
g, =0 -1tr(o) is the deviatoric stress tensor andepresents the double contraction

operator @A : B = A B ). The resulting strain increment is:

ne” =3(nt+g")%e (3.13)
O—d
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with £ being the creep equivalent strain rate,being the computation time increment
and with &" being the minimum equivalent strain required ttiséathe plastic yield

condition, &, < °, whereg® is the equivalent (uniaxial) yield stress.

The creep relaxation of the studied oxides and Isiédlows a power law at high
temperature (Huntz, Daghigh et al. 1998; Veal, iRaslet al. 2007), which is usually
expressed as:

£ = A exp —< |gNe 3.14
Ao | 314)

where Q; is the creep process activation energy &gdand A, are parameters, all
dependent on material’s composition and microstinect Actually, a power law
corresponds to an empirical description of the mheehavior, since mixed mechanisms
are involved at the considered temperatures. A niiffssion creep corresponds to

N, =1 and is characteristic to the behavior at very higimperatures, but at lower

temperatures other mechanisms such as grain bgustidmg also take place. The
relative contributions of the different involvedopesses then influence the effective
exponent value. Creep relaxation is greatly infagehby the material grain size. While
the dependency is known for processes based ondiftulsion (Nabarro 1948; Herring
1950) and grain boundary diffusion (Coble 1963)sinot defined in a general case. A
threshold stress is sometimes mentioned for thepcpeocess to start (Kemdehoundja,

Grosseau-Poussard et al. 2007). Such a parametlt loe included by developing the
stress term into (0-0,)" d(c-0,) with o the threshold stress value and

o(x) =0 if x<1, 1 if x> 1 (Hayhurst, Vakili-Tahami et al. 2003).
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Finally, it is important to note that the plastield stress is high for the considered
oxides, of the order of several hundreds megapasedéw gigapascals, but much lower
for the metallic alloys at high temperature, tyflicaaround or below a hundred
megapascals, thus allowing for large deformationthe substrate under limited stress

levels.

3.4 Numerical implementation method

3.4.1 Overview of the situation

Implementation of a general numerical model for rearp propagating phase
boundary coupled with an evolving domain is veralEnging. The solution can be
determined by coupling two tasks: calculating thterface displacement following a
given kinetics and solving for the continuous fgelon each side of the discontinuity.
Strong couplings appear when conservations andepses related to the interface
propagation significantly influence the fields’ éwtoons and when the local propagation
kinetics in turn depends on these affected valtidéiseadiscontinuity. In this study aimed
at investigating long-term high temperature oxiolati the interface displacement is
gradual so that no fast morphological changes pd&kee. However, the phase boundary
propagation locally induces a large volume eigamstwhich considerably affects the
strain and stress fields at the interface. In tdhis influences the local propagation
kinetics. Furthermore, the oxidation kinetics iugled with mass diffusion, including
fast transport along the interface. The resolutiballenge then comes from the multi-

physics treatment of a discontinuity propagationpted with its environment.
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General problems of continuum mechanics are taaditly solved using the finite
element method (FEM) in which a domain is modelga Imesh that is locally refined to
capture high spatial variations while keeping a stin@volution over the elements. The
definition and propagation of a sharp discontinuitythis environment are no longer
straight-forward. This explains why most numerigakdictions of complex phase
boundary propagation / stress development couplay® been historically performed
using two limited approaches. The first of thesdragses simple interfacial geometries
(linear, cylindrical or spherical) which are congst in time, and allows for the use of a
finite difference method over a grid evolving withe discontinuity motion (Johnson
1997; Oh 2006). The second approach addressescmm@ex geometries by employing
FEM but limiting the analysis to a predefined ifiiee propagation; this allows to design
a mesh which remains adapted at all calculatior tsteps (Caliez, Feyel et al. 2002;
Busso and Qian 2006). Specific numerical methods Heeen developed and are the
subjects of extensive research for the treatmenghase boundary propagation within
FEM, such as phase field (Kitashima 2008) or lesatl (Bloomfield, Richards et al.
2003).

However limitations remain on the allowed propawatkinetics formulations. In
fact, either a continuous (diffuse) interface moabeist be considered, and then evolving
field and phase data can be coupled at the eleteeat, or an approximated sharp
interface could be accounted for providing that eéwolution does not depend on
simulation fields (user-defined jumps can be usedraving force (lwamoto, Cherkaoui
et al. 2008)). Another limitation of these FEM-b@dseethods concerns the inclusion of

local processes, such as diffusion along the phaseadary in our model, which is not
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possible if the local path is not defined withiretmesh. An interface-adapted mesh
would then be required at all times. Thus, the micaktreatment of the propagation of
an evolving sharp interface dependent on field eslin a continuum framework still

constitutes a major challenge.

3.4.2 Description of the developed method

In order to implement the presented framework feide-metal phase boundary
propagation at high temperature, a specific nuraktaol has been developed allowing
for the propagation of an evolving interface follaogya complex law dependent on field
values. It is based on a classical FEM for thedfietesolution, performed sequentially
with a specially developed external routine rurmpig/post-calculations at each time step
to calculate the phase boundary composition angdggation. It essentially couples the
concept of phase field (Fix 1983) (diffuse intedaaf given width described by a field
variable) for the smooth treatment of a moving phaterface over a fixed mesh, and the
front tracking method (Dafermos 1972) for the phasandary propagation (the phase
field evolution is assigned by the external routfrem the mechanical and diffusion
fields-dependent propagation kinetics, calculated tracking points defining the
interface). A semi-implicit time-integration schernse employed to ensure simulation
convergence and accuracy with sequentially evolbimighighly coupled stress/diffusion
and phase fields. It is based on a predictor/ctorenethod with a convergence criterion
on the maximum local difference in driving force the phase boundary propagation. A
flowchart presenting the resolution scheme is mhedi in Figure 3.7. While the

developed numerical framework requires a very firessh over the propagation zone (for
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sharp interface model recovery) and is limited fadgal interface displacements (due to
the sequential evolutions of the interface and doenain fields), it allows for the
treatment of complex phase boundary compositionpaodagation evolutions dependent
on discontinuous field values and coupled with gmemterface processes such as fast
mass diffusion and volume eigenstrain generatiotuls meets the specific and stringent
requirements of the oxidation formulation.

The FEM computations have been performed usingéhemercial code ABAQUS,
while specific programs developed under MATLAB hdween used for the pre/post-
calculations. Finally, input files writing and datxtractions from ABAQUS have
necessitated particular routines in PERL langudde. overall simulation is ruled by a
BASH code executed on a UNIX computation clustére Tinite element model and the

interface resolution are detailed in the next sesti
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Figure 3.7: Flowchart of the resolution scheme.
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3.5 Finite dement model

The FEM computations have been performed usingdiemercial code ABAQUS.
Each finite element simulation is based on a teristoupled stress/diffusion analysis,
using the coupled temperature-displacement stefB&QUS and the analogy between
heat and mass diffusion. In fact, the temperategret of freedom actually represents
oxygen concentration. This analogy allows usersatoount for mass diffusion /
displacement couplings, which are not allowed ushegmass diffusion analysis step of
ABAQUS. It presents of course some limitations. Thain one is that an additional
coupling with a temperature analysis is not possiblowever, a uniform temperature
variation over the domain can be performed throagiploying a user defined field,
which is used to simulate the material system ogolirom oxidation to room
temperature. The uniform temperature approximaigoreasonable considering that the
focus is made on the very thin oxide scale andutsounding. Note that for an accurate
description of a thick thermal barrier coating, teenperature gradient that the layer is
intended to experience should be accounted forthemdimitation of the use of the heat
diffusion analogy is that mass density variationg do diffusion are not taken into
account, only those associated with phase chargeNawvertheless, since the density of
defects is assumed very low, this approximatiotoially transparent here. The oxygen
concentration at identified phase boundary nodesulting from pre-processing
computations, is enforced as new boundary condition each simulation step. Since
oxygen solubility is assumed to be negligible ia thetallic substrate, a zero diffusivity
is assigned on the metal side of the node-basesepbaundary. If one would like to

include diffusion within the metal phase, a seconde-based phase boundary should be
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identified to enforce concentrations on the meid¢ ©f the interface accounting for the
field jump corresponding to the continuity of dgfan potential through the interface.

For the mechanical stress/strain fields, a diffuserface is externally enforced. Its
thickness should be limited to constitute a reaBlenapproximation of a sharp interface.
It is here maintained on the order of 0.1um throtlghuse of a very fine mesh in the
phase boundary propagation zone. Linear variatbise material mechanical properties
are assumed through the interface thickness. $pewsér subroutines have then been
developed. In order to account for the phase toamsdtion eigenstrain, other growth
strains as well as thermal strains developmentEXRAN subroutine has been written
(this subroutine is initially intended to definengplex thermal strains in the temperature
analysis). The phase field evolutions computedrazaty are applied through a USDFLD
which updates user-defined state variables as aglfield variables used in material
properties definition (material given by the phéistd, and temperature). It also provides
required local information for the UEXPAN subrowjrsuch as the local mass flux and

initial and final phase field value over the step.

3.6 Interfaceresolution

The resolution of the phase boundary evolution esfggmed externally in pre-
processing of the FEM analysis step. Coupled iaterf composition (vacancy
concentration) and propagation (displacement virtiex have to be resolved.

The phase boundary is defined by equidistant trackioints. In order to maintain
the regular discretization despite large morphaalgevolutions, a redefinition of the

points is performed after each propagation step.fiumber of points is kept constant for

121



simplicity, which is reasonable in the studied sasecause the interface length does not
vary dramatically over the simulation, but an addphumber recalculation could be
easily added. The adapted number of points is eéfessentially by two considerations.
While it should be large enough to precisely déscthe interface geometry, it set in the
same time the minimum roughness that is accounted and should therefore be
sufficiently high to eliminate perturbations at aake lower the one of interest.
Furthermore, the spatial resolution should be lothan that of the mesh. In fact, the
stress and strain tensors, as well as the diffusinnvector have to be extracted on each
side of the diffuse interface layer for each tragkipoint in order to recover data
corresponding to a model of sharp interface. Thiparformed by projection normal to
the phase boundary at a distance correspondinghadf dhickness of the diffuse layer,
and then locally interpolating data from the FEMlgsis, at elements surrounding the
projected point. In order to smooth local pertudiet, a local average over several
elements is performed. Therefore, the spatial wtieol of the phase boundary
discretization should be sufficiently lower thanatthof the FEM analysis mesh.
Furthermore, the distance between tracking poimbsilsl be higher than half the diffuse

layer thickness.

122



Initial situation

v

Fully implicit concentration resolution
at fixed interface geometry.

» Equation: Transient mass conservation statenecitding:
— jump of normal flux extracted from FEM
— concentration-dependentong-interface diffusion (Fick’s law)
— propagation driving force> local velocity= flux absorbed

- stress-dependent component extracted from FEM

- curvature (fixed for the statement)-dependentgmment

> concentration-dependenbmponent
» Method: finite differencesver interface tracking points and a

fixed time incremer

A

S | I . - | I .
L * Local * Local
. Concentrations . i Propagation velocitit

Interface geometry evolution.
local normal projections
at distances given by local propagation
velocities & time increment

* Tracking points locations: rmmmdeeel
* Updated local curvatures, <L Corrector >
1

-

_____ RO

No

Convergence test.

Time
increment.

END >

A

End test.

Figure 3.8: Flowchart of the interface resoluticheme.

Vacancy concentration and displacement at trackoigts are resolved through the
time integration of the system of equations forrbgdthe mass conservation statement,
equation (2.25), phase boundary propagation, empgat{2.54) and (2.53), and along-

interface diffusion, equation (3.7). The resolutsmineme is presented in Figure 3.8. The
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algorithm developed for the time integration condsirpartial fully implicit resolution
with a predictor-corrector scheme with adaptiveetimcrement setting. A direct implicit
resolution of the time integrated mass balanceemstant is performed providing
concentrations and diffusion fluxes at a given tiimea fixed geometry (and fixed sharp
interface data extracted from the FEM analysisk fphase boundary propagation is then
obtained from the mass consumed in the process 3&guence is included in a
predictor-corrector scheme in order to solve fa toupling with geometry which is
formed through the curvature term in the propagatiaving force. The algorithm is
stopped once a maximum allowed total time increntes been reached, or before if
limiting criteria controlling the maximum allowedkide scale thickness increase or the
maximum allowed curvature evolution before stréssifs and diffusion fields’

recomputation are fulfilled.

. Old sharp
/ .. phase bounda
ariation kinetib |
att, dp/dtl=k' | =

assigned fom \ " ise Taver]

propagation increments -
t'=t, k'=va/d &~

-

New sharp
phase bounda

o
o
.
S
.
o
.

.
.

K 9'=05+2d"d
ks %/é (jl (j I

.
.
.
.
.
“‘
.
.
.
.

.
.
.
.
ws®
ws®
__________
3 .
- .
wuss
wans
------

Figure 3.9: Schematic of the phase field definition
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Finally, data for the next FEM analysis are builbey essentially include the
evolution of the phase field, which defines thealomaterial properties. An updated
value, ¢ ', is defined for each element of the FEM mesh ftbm new position of the
phase boundary, as shown in Figure 3.9. For elesrlgimg within the diffuse layer, a
scaling of the normal distance to the phase boyrider allows building a field evolving
linearly over the finite thickness, as definedhe figure. The updated field is not directly
enforced, but will result from a progressive timgpdndent variation in order to ensure a
smooth phase transformation, as defined in Figu®e @mes for the onset of the local
phase field evolution as well as the corresponthiaigsformation kinetics are constructed
based on phase boundary propagation incrementsndhaeformed configuration is
considered for the interface tracking. This appration is here required for the
continuous evolution over steps of the phase fiedghping. The only significant induced
limitation concerns the true phase boundary cureatlt is therefore a reasonable
approximation only for limited non-uniform mechaalicdeformations. A node-based
interface is defined through identification of attpdormed by FEM mesh nodes
following the true phase boundary. It is used tdoexe the oxygen concentration
boundary conditions for the next diffusion analysisterpolated from the values
computed at the interface tracking points. Thellotaterial diffusivity only depends on
the element location with respect to the node-baststface (metal or oxide side).
Mechanical properties vary linearly, as defined the phase field, from the
untransformed to the transformed materials valliesrefore the interface is only diffuse
for the mechanical fields’ resolution. Specific grams developed under MATLAB have

been written for all these pre/post-FEM calculagion
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3.7 Setting and test of the ssimulation tool

In order to assess the simulation tool capacity acwliracy, a few tests have been
performed providing necessary settings. The fest issesses the capacity to recover a
parabolic kinetics for one-dimensional oxide growthorder to set up the simulation, the
conditions allowing for a parabolic growth rate wihe developed model are previously
investigated, and a procedure is defined for thingeof kinetics parameters. Then and
in order to assess the oxide propagation time iat@m scheme, a simulation is run and
the oxide growth kinetics is compared with the giedl expression. In a second test, a

simplified case is simulated to assess the degmmipff a stress influence on propagation

kinetics.

3.7.1 Conditionsfor parabolic oxide growth

The classic parabolic rate for one-dimensional exgiowth, representative of a
through-scale quasi-steady state diffusion contvith constant compositions at the
interfaces, is described through a mass balandenstat at the propagating phase

boundary (equation (2.24)), assuming a negligibkgygen solubility in the metal
substrate J; =0, C;=0) and no volume change associated with metal cmidat

(n, =1)

=y
oI
=l

<
Il

\ — . (3.15)

o

Let us now analyze under which conditions a paialsate would be recovered with

the developed model. In the case of no stressunature (flat oxide scale), negligible
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oxygen solubility in the metal substrate and nounw change associated with metal

oxidation, the phase boundary propagation velasifyom equation (2.53):
Vn=M|(fIO—(,u\;—,u\9_)C6 j (3.16)

It is dependent on the interface vacancy conceotratwhich is a relaxed variable

compared to the classical formulation. Equatingtit® expressions yields:

o1 o o
-0 = . 3.17
Hy = Ky C(;{ | M, C. ( )

The parabolic rate is obtained assuming a consgtgrface composition, such that only
the increase in oxide scale thickness affectsrtbenming oxygen flux. This situation is

recovered here if the deviation in vacancy chenpoaééntial is negligible at any time:

H, — /J\(/)_
Hy

<1 atany. (3.18)

Since all terms in equation (3.17) are fixed patanseexcept the incoming oxygen flux

at the interfacej\]g) Dh‘, which is necessarily evolving with time (due tade growth),
the previous inequality provides two conditions arabolic oxidation kinetics:
J,
= ‘ ° ‘2 <1 (3.19)

My 47 (c5)

and
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0
1y Co

<1 (3.20)

The second inequality provides a maximum boundtervalue off° in order to achieve

a parabolic rate. The quasi-steady state incomiygen flux at the interface can be

easily expressed for a one-dimensional problenutiird=ick’s first law, yielding:

N _ -
35 = Dg;% (3.21)

where DZ* is the oxygen diffusivity through the oxide scalg, is the oxygen
concentration at the outer interface apdlenotes the oxide scale thickness. Assuming a

negligible vacancy concentration at the outer sefahe difference in composition

through the oxide scale is equal to the vacancyna#nsity at the interface:
Cs-C=C, (3.22)

Therefore the first condition, equation (3.19), tarewritten as:

C . MGu
c: <& SR (3.23)

Since the oxide scale is growin§= &,_, at any time. Furthermore it also implies that the

oxygen flux decreases with time, see equation |3 Perefore the difference in vacancy

chemical potential must increase with time from aoun (3.17), which means that
W, = 1 at any time. Since the chemical potential is lsease an increasing function of

the concentration, this is also true for the cqoesling vacancy concentration:
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C, = C. But if the condition (3.23) is fulfilled (alongitk (3.20)), then the variation

remains very small. Therefore it can be assumeditleguality (3.23) is satisfied at all

times if:

0- - 0
S g, Mok (3.24)
CO DO

This relation gives a condition (maximum bound) ¢me equilibrium vacancy
concentration at the metal/oxide interface in thference, flat stress-free situatid®J .

This parameter actually appears twice in the alsoumtion, since the chemical potential
is dependent on the concentration. It is worthanog that the condition of a maximum
bound provided by equation (3.24) at least qualtit agrees with experimental
observations of a very low composition defect dgnwithin the chromia and alumina
oxides, for which parabolic growth rate are commgoobserved (Birks, Meier et al.

2006).

3.7.2 Setting of oxidation Kinetics parameters

The one-dimensional stress-free oxide scale grduribtics, as described by the

model in the case of a negligible oxygen solubiiighin the substrate, depends on four
parameters: the effective oxide scale oxygen difftys D", the initial relative vacancy

concentration at the phase bounda#y,=C;/GC;, the initial driving force for the

interface propagationf’, as well as the interface mobilityl, . Actually only three
parameters need to be defined. In fact, the produtiie two last values sets the initial

metal/oxide boundary propagation velocity(t,) = M, f°. Since on the other hand it is
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assumed that the oxide growth is driven by diffastd oxygen ions through the oxide
scale, the mass balance must be achieved at thee gh@undary, equation (2.24).
Practically, the mass rate per unit surface conguiméhe oxidation reaction must match
the incoming diffusion flux. This quasi-equilibriurtsince incoming diffusion flux
decreases with oxide scale growth) should be aeHi@avthe considered initial situation,
which yields:
J,
M, f,O:M at t=t,. (3.25)
Co -G

Assuming a negligible vacancy concentration atdiier oxide interface (in front of that

at the inner interface), the incoming flux in théial situation is given by:

i} ox Ou
[Jom]=Dg E_Z (3.26)
Combining both equations yields:
D5,

M, f°= (3.27)

o (Cg _n|C6)

Thus the four parameters are coupled and one catlinb@ated.

Data for the effective oxide scale oxygen diffusiyiD3*, can be directly found in
the literature or easily built based on equatior6)(3The initial relative vacancy
concentration at the phase boundady, is not readily available, although it is known

that it should be small in front of unity (Birks,dir et al. 2006). It is here set to adjust

the oxide growth magnitude at the end of the igotlaé oxidation simulation time in
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order to fit experimental data. No bibliographicexperimental data have been found in

the literature for the initial driving force for ahinterface propagationf,’, or for the

interface mobility, M, . Therefore f° is set from physical considerations, possibly

including the shape of experimental oxidation kiteeturves (see following discussion
and investigation cases in the next chapter), Bhdis eventually calculated through
equation (3.27).

Under the initial assumptions made here, partiuleonstant oxide diffusivity and
negligible solubility in the metal substrate, it wid not be possible to describe a
subparabolic oxide growth. However, several différsituations might lead to such
kinetics and could be described with the develagpedilation tool. Among them, oxide
grain coarsening resulting in a reduction in grboundaries volume fraction and a
consequent decrease of the effective through-stifflesivity (Huntz 1999; Naumenko,
Gleeson et al. 2007); non-zero oxygen solubilittha metal substrate and subsequent
increase with time of the oxygen concentrationhat axide/metal interface, leading to a
reduced through-scale composition gradient and ths$ower diffusion kinetics; or a
thermodynamic effect associated with a high in-plaompressive stress field within the
oxide scale as proposed by Evans (Evans 1995) ascrided in Chapter 2. Reverse
situations would naturally result in kinetics mdireear than in the parabolic growth case.
However, it can be noticed that from the developsablel such kinetics are directly

obtained if the condition provided by equation (3.2s not fulfilled. In the extreme
opposite casef’ > uJC;, a linear kinetics would be obtained since thespHzoundary

propagation kinetics would simply be constant.
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3.7.3 Propagation time-integration accur acy

The accuracy of the global time integration schemguding time increment setting
and domain discretization, has been checked thraeghparison with the analytical
expression for a one-dimensional parabolic oxidalesgrowth. The oxide phase
propagation is controlled by the inward transpdrbxygen. Coupling mass conservation
at the interface with Fick’s law, and consideringgree dimensional quasi-steady-state
problem with constant values for concentrationhatihterfaces and no oxygen diffusing
in the substrate, an analytical expression canebieet! for the scale thickness evolution

with time:

N _ ~
5:,/kp(t—t0)+$§ . with k= zagX% (3.28)
(o]

where £ designates the oxide scale thickness &nds value at the initial time,. D"

refers to the oxygen diffusivity in the oxide sgadssumed constant, ar@f, and C}

stand for the boundary concentrations of oxygetinatoxide inner and outer interfaces,
respectively. An initial small thickness has be@msidered for comparison with the
simulation, in order to avoid dealing with initighase nucleation. Model parameters are
defined following the assumptions and the procediafined in the previous section, as
well as the two conditions derived for paraboligdation kinetics, equations (3.20) and
(3.24). The parameters used for the simulation tdehg with the finite element mesh
refinement in the oxidation direction, are identiwathose given in the investigation case
on a thermal barrier coating presented in the rehdpter. The mesh is laterally

composed of five identical rows of rectangular edats of width arbitrarily set to unity.
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An isothermal oxidation simulation is performed 0885 hours. The kinetics of the

oxide scale growth resulting from the simulationpistted along with the analytical

description, equation (3.28), in Figure 3.10. Thauation points perfectly match the

analytical law, which validates the procedure ofapgeters setting and the long-term

accuracy of the implemented numerical scheme fasglboundary propagation.

Oxide thickness (um)

2.0
1.8
1.6
1.4
1.2
1.0
0.8
0.6
0.4
0.2
0.0

Analytical law
Simulation results

50 100 150 200 250 300 350
Time (hrs)

Figure 3.10: Kinetics of oxide scale thickness grovéimulation results and comparison
with the analytical law for a 1D parabolic oxidatikinetics.

3.7.4 Test of stressinfluence

A second test simulation has been performed tosaste description of a stress

influence on the oxidation kinetics. This simulatipresents isothermal oxidation at

1100°C in a thermal barrier coating case and usegarameters of the previous test.

However, now an initially convoluted oxide scale densidered and a transversely
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isotropic phase transformation strain is appliedassociation with metal oxidation

(Busso and Qian 2006):

o
& 0 O

"= 0 &' 0], withe =0.241 ande! = 0.2%7 T (3.29)
0 0 &

where " represents the transformation eigenstrain in thection normal to the

interface andg" the one in the transverse directions. The magehale been assumed

perfectly elastic and interface diffusion is not@anted for.

The influence of the local stress/strain staténatimterface on the oxidation kinetics
is shown in Figure 3.11, which provides the schlekness growth history at different
abscises of the system, identified in Figure 12e &hnalytical solution obtained for a
stress-free flat interface under similar conditiasswell as the experimental kinetics are
also given for comparison. It can be seen thatkinetics are differently modified
depending on the localization, whether peak (B,Dyalley regions (A, C, E), and that
the extent of the influence is important, about %2h scale thickness. Peak regions
exhibit a lower sub-parabolic rate while valleysowrat a faster rate than the one
predicted by the analytical calculation. It is megting to notice that the kinetics shape of
the valley regions approaches the experimental uneasents (Busso and Qian 2006),
even if the comparison is limited by the fact thaty internal growth has been modeled
here and at isothermal conditions. Neverthelessetheesults show that observed
deviations from the classical parabolic rate (sakapolic in (Busso, Lin et al. 2001),
hyper-parabolic in (Busso and Qian 2006)) couldekplained by the stress and strain

discontinuities developing at the propagating ffiaies.
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Figure 3.11: TGO growth kinetics at different akssi (identified in Figure 3.12).
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Figure 3.12: Oxide scale interfaces after 10(—J(%6-) and 400(¢) hours of isothermal
oxidation at 1100°C.
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Figure 3.13: Contour plot of the lateral stress ponent,c;;, after 400 hrs of isothermal
oxidation at 1100°C.

Stress discontinuities at the metal/oxide boundary be clearly identified in Figure
3.13, showing a contour plot of the lateral strem®iponent after 400 hours of oxidation.
In-plane (lateral) compressive stresses are dorhimarthe oxide scale due to the
constrained volume expansion induced by the phrassformation. It can be seen that in
peak regions, very high compressive stresses havelaped on the oxide side of the
interface, while on the bond coat side the matasdess constrained. This situation
induces a negative balance of mechanical elasecggnduring interface propagation,
which results in a decrease of the oxidation r@tmnversely, tensile stresses develop in
the valley regions due to a global bending effacil increase the local oxide growth
kinetics. The outcome of these opposed situatisrikat the oxide layer grows faster in
valleys than on peaks, while the TGO/BC interfageds to flatten with time, as shown in
Figure 3.12.

These results are limited by the fact that thessttevels reached in this simulation
largely overpass the typical oxide yield stressr($&mn and Evans 2001), owing to the
large phase transformation eigenstrain. Adequdsxaton processes in the different

materials have to be included for realistic simols®. However, these results
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demonstrate the capacity of the simulation toobdéscribe coupled effects of stress-
affected local interface propagation and streseldpwments. The coupling leads to a
modification of the global and local growth of tb&ide layer, a phenomenon which
could be amplified by fast interface diffusion (BgrHsia et al. 2005). It affects not only
the oxide scale average thickness, but also itphadogy and the interface geometry. In
turn, this would have a significant influence or ttress development and localization
upon cooling of the system at room temperature,thasd could play a key role in crack
ignition and the eventually resulting bond coatligpian. Realistic and detailed case

investigations are performed in the next chapter.
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CHAPTER 4

INVESTIGATIONS OF STRESS-AFFECTED OXIDATION

4.1 Introduction

Finally, two practical cases are investigated camog an uncoated chromia forming
ferritic steel for SOFC interconnect, and a nicklelminum alloy coated with an EB-
PVD (electron-beam physical vapor deposition) gtsiabilized zirconia layer forming a
thermal barrier coating. The associated situatipresent many similarities, but they
interestingly differ, since in the first one a cimia layer is developed from a flat surface
at moderate temperature (~800°C) while in the seare an alumina scale forms at a
convoluted interface at higher temperature (~1100°C

In each case, a mechanism of stress-induced magibal development is studied.
The main processes and influences are analyzediafjofor the identification of key
physical properties. In a second time, the likehfluence of the non-uniform
morphological development on mechanical failureingestigated, during isothermal
oxidation and upon cooling to room temperature.aliyn the influences of material-
related parameters are tested providing optimimatiacks for the design of metallic
alloys which should allow improving the mechanidatime of the studied system.

Eventually, the assessment of the stress-affectethtion mechanism and its main
influences is discussed, along with the providedgjines concerning material properties

and the possible influence of additives, partidylezactive elements.
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4.2 Investigation on a SOFC inter connect case

4.2.1 Introduction

Oxidation resistant metallic alloys are increasingmployed for interconnects in
solid oxide fuel cells (SOFC) operating at moddyaltégh temperatures (600 to 900°C),
because they have lower fabrication cost and bfetterability than the traditionally used
ceramic compounds. At the surfaces exposed diremtlyndirectly to the oxygen-
containing atmosphere, the metal phase oxidizes aandxide scale develops. The
principle of oxidation-resistant metallic alloystisat their composition is designed so as
to produce a protective oxide scale, typically ¢ibmed of chromia, owing to its good
electrical conductivity. This oxide scale is desd to exhibit very low permeability to
the oxidation reactants, thus limiting as it grothe further extent of the process. The
physical integrity of the oxide scale is therefessential to the long term reliability of
the metallic component.

However, stress development and resulting phenoymarch as deformation and
crack nucleation, often limits the lifetime of thaally grown oxide scales, leading to its
spallation and failure after a few hundred hoursyHPaulikas et al. 2007). Intensive
research has been performed over the last decadeeilitate the design of metallic
alloys’ composition, and this research has leaithéodevelopment of thin compact oxide
scales exhibiting strong adherence to the metadtsatie. Most commercial alloys now
include reactive elements (as yttrium, cerium aadtHanum) or their oxides (Yang
2008). The addition, in small proportions, of thesements has demonstrated dramatic

effects on oxide scale development, particularlyerms of growth kinetics, morphology
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and microstructure, as well as on stress generdiioese effects can lead to significant

improvement of the interconnect lifetime.

Ar-4%H.-7%H.0 10 pm

Figure 4.1: Oxide scale cross-section SEM micrdgsaghowing morphological pattern
development at the metal/oxide interface. FronRanganarayanan, Mumford et al.
2000) b) (Mikkelsen and Linderoth 2003) c) (Peraldd Pint 2004) d) (Essuman, Meier

et al. 2007).

Atmosphere

Oxide scale

|

pattern

Metallic alloy
Substrate

Figure 4.2: Schematic of the morphological patedrthe metal/oxide interface.
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Under these conditions, the chromia scales haven l®wn to develop by
significant, if not dominant, direct (inward) oxiitan of the metallic substrate, unlike
regular chromia scales which essentially grow outwat the free surface (Hou and
Stringer 1995). Consequently, in these materiatesys oxidation at the metal/oxide
phase boundary becomes more critical. Furtherntbi®jnterface is highly constrained,
which might locally affect the thermodynamic progeand lead to non-uniform
development of the oxide scale. Growth and therstr@sses result in a dominant in-
plane compressive state of the oxide scale, regalinto several gigapascals. In this
situation, the oxide/metal interface geometry ispoimary concern for the material
system’s resistance to failure, since it might léadhigh stress concentration and to the
rise of local tensile tractions, prompting crackleation (Mougin, Lucazeau et al. 2001).

In this study, a mechanism of stress-induced roeghndevelopment at the
oxide/metal interface is investigated. A morphotadjipattern has been identified on
several micrographs available in the literatureghban iron- and nickel- based metallic
alloys, at temperatures ranging from 800 to 1100&S, shown in Figure 4.1
(Ramanarayanan, Mumford et al. 2000; Mikkelsen landeroth 2003; Peraldi and Pint
2004; Essuman, Meier et al. 2007). In each of tleegeriments, either the atmosphere
contained water vapor or the metallic alloy composiincluded reactive elements, two
factors known to promote an inward oxide scale @gnofHou and Stringer 1995;
Essuman, Meier et al. 2007). A schematic is pravide Figure 4.2. The pattern is
constituted of a sharp valley surrounded by rounrégibns, and exhibits a period of few
pm under the fast growth conditions of the expenitsielt is believed today that the main

growth stress source in chromia scales developinggh temperatures comes from a
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mechanism of secondary oxidation within the oxidales grain boundaries. Therefore, it
is proposed here that the high local compressiesstesulting from this process locally
slows down the oxide propagation over the metalidostrate, resulting in the

morphological pattern development.

4.2.2 Smulation description

The slow growth of a chromia scale over a ferrgtainless steel used in SOFC
interconnect is simulated at 800°C. The objectige td study the stability and
development of roughness at the metal/oxide interfazoupled with the increase in
growth stresses. A small roughness is consideragetelop in an initial step, and the
stress-affected inward growth of the oxide layerth&en simulated. A schematic
presenting the initial situation and the expectealigion is provided in Figure 4.3. The
simulation considers a rectangular domain of metalbstrate with an oxide phase
developing from the initial top surface. The domamdth is here set to 2um, to be
representative of the length scale of a half peabthe identified pattern. The modeled
initial roughness presents a maximum height of abddi yum and an angle with respect
to the axis —x of 75°. A lateral symmetry condition is enforceahd the domain is
constrained against in-plane expansion/shrinkingthiermore, the bottom boundary is
fixed, but the top surface is free. During coolittgy room temperature, the thermal
contractions that the substrate alone would expesieare enforced as in-plane
displacement boundary conditions to the domainyrasyy that the oxide scale thickness
is negligible in front of that of the metallic sutzte. The materials’ parameters are given

in Table 4.1 for the metallic alloy, here takenbt a Crofer 22 APU ferritic stainless
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steel (ThyssenKrupp-VDM 2005), and the chromiaes¢bluntz, Daghigh et al. 1998).
Note that except otherwise specified, creep relamats assumed negligible at this
temperature and thus not accounted for in this yaigal The numerical scheme
implemented requires a fine mesh in the vicinityttoé propagating metal/oxide phase
boundary. Consequently the oxidation zone is fimakshed using around 40000 1st

order elements of dimensions 000.01 pm.

~ Oxide scale

RoughnessN o ~~ - _ < Initial metal surfac
developmer\g e T v Inner growth

Metallic
alloy X2

Substrate I
X1

Figure 4.3: Schematic of the simulation initial igaration and expected evolution.

The long term isothermal inward growth of the oxi@dger is limited at high
temperature by oxygen diffusion through the devetbpcale. The initial configuration is
obtained from the imposed non-uniform developméra thin oxide layer (~0.Am over
2hrs) from a stress-free system. A fixed unit comr@gion is considered at the free
surface for oxygen, providing that the absorptioacpss is infinitely fast compared to
the ionic transport. The oxygen solubility in thetallic alloy is assumed negligible and
constant diffusivities are employed. Effective dgion parameters are formed by
multiplying the diffusivities with the stress-frgelative vacancy concentration at the

phase boundaryg, =C, /G, , which constitutes the scaling factor for the wbfbn
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gradient. This parameter is fitted to obtain a d¢gpiparabolic rate value for chromia
growing on a ferritic steel, about ¥dm’s* (Fergus 2005). This gives an oxide layer
thickness of about 1.5um after 400 hours of oxaheiin a case of uniform growth.

A mechanism of in-plane growth strain generatiosulttng from secondary
oxidation within oxide scale grain boundaries,régsoduced by Rhines and Wolf (Rhines
and Wolf 1970) and modeled by Clarke (Clarke 20@3¢onsidered in this analysis. The
constantAg, (see equation (3.10)) is set to give a maximumlame growth strain of a
few percent over the simulation time, in order tmpare with values that have been
experimentally measured during the growth of amqmaha scale (Tolpygo, Dryden et al.
1998).

The initial driving force for a stress-free flat rakoxide phase boundaryt?, is

unknown. A small enough value (in front of the cleahcomposition variation term) is

required in order to obtain a parabolic shape foniform oxide scale growth kinetics, as
indicated by inequation (3.20). On another hani, ¢nstant also set the sensitivity of
the oxidation kinetics to the stress and curvatetated contributions at the interface.

Here we assume that in the situation consideredp#ide phase is stable and its local
dissolution is unlikely to occur. This means th§f is greater than the expected
magnitude of the stress and curvature terms. Aevalu f° =10"J/n? has thus been
chosen, which is comparable to the one employeddrthermal barrier coating analysis.
A phase boundary mobilitjl, =10™° m’*/J/< is then obtained from equation (3.27).

To the author’s knowledge, no values are availablihe literature for the vacancy
diffusivity along a chromia/ferritic steel phaseubdary. It is here estimated to be

significantly higher than the grain boundary diffuty within the oxide, allowing for the
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large mass redistribution along the interface nexgufor a uniform oxide scale growth in
a stress-free situation. The oxygen grain boundéfysivity is typically few orders of
magnitude higher than the effective through scdfadivity, resulting from the fast path

over volume diffusivity and area fraction ratio.mMinimum bound is then assumed for
the phase boundary diffusivity to be of the orderDj =10°DJ*. Again very few data
are available for the oxide/metal interfacial ewerd usually reported value for
metal/alumina systemsy, =1 J/nf, will serve here as a reference (Murr 1973; Panat,

Hsia et al. 2005; Saiz, Cannon et al. 2008). THikience of these two parameters is

discussed later.

Table 4.1: Mechanical properties of the oxide seale the metallic substrate at 800°C.

Parameter Symbol Material
[units] Metal Oxide
Young's modulus  E[GPa] 140 225
Poisson’s coefficient v [] 0.3 0.28
Yield stress o, [MPa] 30 1000

4.2.3 Mechanism of roughness development

The objective of this study was to investigate unaleich conditions an increase in
growth stresses could lead to the stability andvgroof an initially existing roughness,
and its development towards the identified morpbicial pattern presented on Figure
4.2. The initial roughness considered could redtdm a mechanism of discrete

nucleation of the oxide phase followed by lateratlai expansion, from an interfacial
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energy equilibrium configuration at the intersestmf an oxide grain boundary with the
phase boundary, or from a slower local oxidatiomekcs induced by the presence of
segregated impurities or alloying elements at ierface.

The analysis of the morphological pattern providesme indications of its
development. The rounded shape seems to indicatsigimificant contribution of the
curvature smoothing driving force for the oxide/aldioundary propagation aside from
the peak. The sharp angle of the morphologicakpattlearly indicates the presence of a
strong singularity. Since homogeneous materialscarsidered here, the singularity is
modeled through a lower local interfacial energy &b order of magnitude), allowing for
the stability of a high local curvature. This stioa could result from a particular
interface composition at this location. While thssngularity is essential for the
morphology, it does not provide a mechanism for dsvelopment. From a
thermodynamic approach, the metallic alloy’'s logallower kinetics of oxidation would
result from a higher energy required to propagaéepthase boundary. While chemical or
microstructural considerations might be relevang mropose here to investigate the
possible role of growth stresses. These stresgeesaentially in-plane compressive for
the growth of a chromia scale on a metallic subssted high temperature, and might
reach few gigapascals (Mougin, Galerie et al. 2062)m the model presented above,
this situation is likely to significantly alter thariving force for the oxide/metal boundary
propagation. If the interface geometry induces aatian of this effect along the
discontinuity, a large redistribution of the incomi oxygen flux could be induced,

resulting in the non-uniform growth of the oxidelksc
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Two sources of growth strain have been investigafédile its relevancy has been
contested over the last decade, the historicahgikknd Bedworth mechanism (Pilling
and Bedworth 1923) takes place directly at the Hoetdae interface and might therefore
play an important role in stress-affected innerdakion. The influence has been
described by Evans on one-dimensional oxidatiomrtits (Evans 1995). However, we
are here interested on local non-uniformity in exgtale growth rather than variations in
global kinetics. The mechanism has been testedt bppeared essentially to flatten the
interface in this case of limited initial roughnesmsd uncoated alloy (see the TBC case
investigation for an opposed situation). The lavgéume change associated with the
oxidation process at the interface induces a terisdction at the locations where the
phase propagation is slower. In turn, an effectraftion homogenization takes place,
resulting from the dominancy of the work term (se@ation (2.53)) in this case, which
promotes a higher oxidation kinetics at the tensdetion location and a slower kinetics

where it is compressive, thus acting to flattenrttezal/oxide phase boundary.

2 hrs {initial)

a0 hrs

200 hrs

700 hrs
Wetallic substrate

-2 -1 3, () 0 1 2

Figure 4.4: Metal/oxide boundary propagation adliffierent oxidation times.
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Figure 4.5: Average oxidation kinetics and valueditherent x-coordinates.

In contrast, the elastic energy jump at the inta&xfaresents a destabilizing role. It is
likely to be dominant over the work term in a cademinor volume change directly
associated with oxidation at the phase boundary lange in-plane stresses. The
mechanism of in-plane growth strain development tugecondary oxidation along the
oxide scale grain boundaries provides a frameworkttiis situation. The metal/oxide
boundary propagation after different oxidation timebtained from a simulation of
isothermal oxidation is presented in Figure 4.4e TRsults have been extended by

symmetry with respect to the axis=0 for illustration purposes. This case considers
D, =10°D* and y, =2 J/nt. The initial roughness gradually develops withdagion

time, growing from less than Quin to about 0.&m after 700 hours. The roughness is
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here simply defined as the difference between thgimum and minimum oxide scale
thicknesses, since the simulated domain includasigue local variation in thickness.
This phenomenon results from a varying oxidatiamekics along the interface as can be
seen on Figure 4.5, which shows the local histéryxadation layer thickness at different
coordinates along the phase boundary, along wétatlerage value for comparison. The
oxide scale growth is slower at the peak locating=@), where the oxidation rate
decreases during the first 200 hours and then seenesch a constant linear value. It is
maximum at the valley ¢x2), although the deviation from the average ko®eis more
gradual with time.

The variation in local oxidation kinetics is inddc®y the non-uniform jump in
elastic energy between the two phases along tedace, differently affecting the phase

transformation thermodynamics. Figure 4.6 a) pressére change in elastic energy of the

transformed volume over the proce:{ﬁllwe"—we*}, versus normalized coordinate

along the phase boundary, for different times. Heak at the singularity (&0)

constitutes an excess energy to provide for thdeogropagation at this location.
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Figure 4.6: a) Elastic energy jump, b) vacancy eatration variation, c) propagation
velocity variation and d) curvature driving fordersg the metal/oxide boundary vs
normalized coordinate, given for different oxidatittmes.
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Therefore the oxidation is locally slowed down, aotisequently the local concentration
of vacancy decreases due to their diffusion oveipgsthe generation process. This
phenomenon leads to an increase of the local claéreiwergy jump which tends to
compensate the elastic contribution. However, thset fdiffusion induced by the
composition gradient along the phase boundary ptevdormation of a local
equilibration, and as a result the oxide phase ggates following a non-uniform
kinetics. The variations, relative to the respextimverage value, of the vacancy
concentration and the normal propagation veloclon@g the interface are shown in
Figure 4.6 b) and c). As can be observed, the gatmm velocity exhibits large
deviations, from about +20 to -60% at the singtjaaiter 200 hours, which drives the
roughness development. As the phase boundary ggomnatlves, its local curvature
changes, raising a driving force which counterbedarthe elastic energy jump, as shown
on Figure 4.6 d). The driving force for the rougbsmeevelopment mechanism is the
increase of in-plane growth stresses, presentingfr@ng variation at the interface
singularity. This variation is induced by the hist®f local growth strain generation,
directly related to that of diffusion from equati¢d.10), and from the material system
geometry. The maximum value at the singularityeases with time in a first period, up
to around 200 hours, and then remain quite constaocé the oxide elasticity limit is

reached. The width of the peak widens along wighrtughness development.
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4.2.4 Influence on mechanical failure
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Figure 4.7: Critical stresses development with tahexidation temperature during
isothermal simulation.

Flat chromia scales grown in an SOFC environmenietgo in-plane compression
and typically fail by delamination, following budky or shear cracking (Birks, Meier et
al. 2006). An energy criterion is then used in asgmn with the interface fracture
strength to describe the situation regarding failfiEvans 1948). The total elastic energy
stored within the oxide scale is lower in the caka stress-affected oxidation than in the
uniform growth situation. Indeed, the introducedrthodynamic influence tends to limit
the system elastic energy increase by slowing dowidation at the most stressed
locations and promote the oxide propagation whiei less constrained. Therefore, the
non-uniform development would be beneficial to thaterial system lifetime from the
energy criterion. However, this approach is onllevant to compare situations of

uniform oxide growths.
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Tensile stresses within the oxide scale as welhemar and tensile traction at the
metal/oxide interface develop in a case of nonarmf morphology, particularly upon
cooling. The strengths of the brittle oxide and thede/metal interface under these
loadings are usually much lower than that of noromhpression, and therefore such a
situation is likely to accelerate the mechanicalufa of the system. The maximum
values of these critical stresses within the doncaimsidered have been monitored during
the roughness development associated with isothesridation and upon the material
system cooling to room temperature.

The results at oxidation temperature are presentédgure 4.7. It is observed that
the critical stresses are limited at the interfacd are quite constant, which results from
the high ductility of the ferritic stainless steselbstrate at elevated temperature (the yield
stress is 30MPa). A tensile stress develops withéoxide scale during the first 200
hours, reaching around 150MPa before slowly deorga# is located half-way through
the thickness on the side of the roughness tip, @mehted along the out-of-plane
direction. It thus may induce in-plane crack nuttem and growth at this location.
However, the tensile strength of chromia at 800h€eded for evaluation of this
situation, is missing. But the low level comparedtite maximum shear stress (around
half the plastic yield stress here, i.e. about 5B@Mand long term decrease make it
unlikely that this would be a dominant failure mactsm that would limit the material
systems long-term lifetime. Such a failure modbedsides not typically observed during

isothermal oxidation. Delamination or shear cragkiather take place.
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Figure 4.8: Critical stresses upon cooling to raemperature vs isothermal oxidation
time. The dashed line shows the interfacial shizgangth.

The same critical stresses upon cooling to roompézature after different
isothermal oxidation times are provided in Figur®. rhe maximum tensile traction at
the interface remains very limited even upon caplifihe traction is in fact essentially
compressive. Again the maximum tensile stress witie oxide scale increases in a first
time, to around 270MPa after 300 hours; it therwktodecreases. Its location and
direction are the same as observed at oxidatiopeeature. This value lays within the
range of experimental data for the tensile strenfithromia at room temperature, 178 to
400MPa (Takano, Komeda et al. 1998; Li, Brook efl8b9; Hirota, Motono et al. 2002),
such that it is likely to induce out-of-plane craukcleation and growth. However, failure
is more likely to occur at the oxide/metal intedaby shear-driven delamination, a
mechanism also identified as most detrimental by 8t al. for a thermally grown

chromia/Crofer 22 APU system (Sun, Liu et al. 2008)
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The roughness development with isothermal oxiddiiime results in the increase of
a high maximum shear stress at the phase boundéigh increases along with the
morphology size (see Figure 4.9). The increasalii® dinear up to 400 hours, where the
maximum shear stress reaches around 900 MPa, anfutther evolution gradually
slows down and seems to reach an asymptotical wil@&Pa. Such a high shear at the
ceramic/metal interface would probably engendemgtiosvth of interfacial cracks leading
to the delamination of the oxide scale, since imisre than twice the interfacial shear
strength determined by Sun et al. for a thermalgngy chromia/Crofer 22 APU system
(Sun, Liu et al. 2008) (the mean value, 442.5MPBalotted in Figure 4.8). The lifetime
before failure is around 150 hours in this casdclwis extremely limited in comparison
with the value of about 5000 hours obtained byadtial. for the same material system but
with an interface remaining flat (Liu, Sun et &008®) (interfacial shear stress develops at
the edges of the metal plate considered in thi®)caBhis demonstrates the very

detrimental effect of an interfacial roughness digmment on the mechanical lifetime.
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4.2.5 Influence of material-related parameters
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Figure 4.9: Roughness development with isothermiaation time, given for different
parameters variations from the reference case (ref)

Roughness development is thus detrimental to tidemscale/metallic alloy system’s
mechanical lifetime, because it induces the in@ed<ritical tensile and shear stresses,
particularly upon cooling. In a second time, thaektics of the phenomenon during
isothermal oxidation was studied. The results Far teference case treated before and
variations of the main parameters are presentddguare 4.9. In the reference case, the
roughness development follows a constant time uatg 450 hours and then gradually
decreases. This indicates a kinetic limitationh&f phenomenon, and the approach to an

equilibrium situation towards the end of the oxioiatsimulation time. The non-uniform
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oxidation at the inner interface results from a&sdrgradient along the phase boundary,
which increases until an in-plane biaxial compresglastic state is reached on the oxide
side (at about 200 hours, see Figure 4.6 a)). Tdak @t the singularity then slowly
spreads, but the roughness continues to develaptlwtcurvature gradient results in a
counteracting driving force which equilibrates witie stress energy profile.

The kinetics of the roughness development mainfyedds on the diffusivity along
the interface, which controls the redistributiontieé incoming oxygen flux at the phase
boundary, and which thus sets the amplitude ohtireuniformity in instantaneous oxide
phase propagation velocity. It can be seen in Eigu® that an increase by an order of
magnitude significantly increases the developedjnoess, but a decrease of the same
order dramatically slows down the phenomenon kisetirhis sensitivity is of major
importance considering the uncertainty on the fater diffusivity data, and its likely
high variation according to changes in the micradtire and the composition along the
phase boundary, notably due to segregated impmrigikoying elements and additives.
The same comment can be made with regard to tedantal energy, which for a given
stress gradient sets the associated equilibriunaatune profile and consequently the
interface morphology. It can be seen here that whennterfacial energy is taken to be
half the value used in the reference case, thehregs reaches a steady-state value
around 0.3um after approximately 400 hours. At gt when the interfacial energy is
doubled the roughness development is much fasteth@ equilibrium configuration is
not approached within the simulated time.

The contribution of creep relaxation in a chroméale growing at 800°C is not

generally accounted for, but it has been shownetaignificant in some experiments
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(Huntz, Daghigh et al. 1998). The influence on rieghness development phenomenon
has also been tested, using a power creep lawthgtiparameters identified by Huntz et
al. (Huntz, Daghigh et al. 1998). The creep relaxatiecreases the amplitude of the
stress gradient along the phase boundary, thusrilogvéhe steady-state roughness as
shown in Figure 4.9. Finally, a last situation Heeen considered in which no local
singularity in interfacial energy is assumed. Ttasults in a dramatic decrease of the
roughness development. The plot in Figure 4.9 heenlobtained with an interfacial
energy 4 times lower than in the reference caseé ¢bll 2.5 times higher at the
singularity location).

This points out the likely highly detrimental ra¥ non-uniformities in composition
and/or microstructure along the metal/oxide intezfalf they can’t be avoided an
increase of their density might be beneficial, sirffor a given curvature profile a
decrease of the concerned phase boundary segmgtit lgould result in a diminution of
the geometry roughness (shrinking of the morpholoatyern). Coupled homogenization
and refinement of the initial metallic substrateface microstructure and composition,
associated with an increase of the oxide nucleatensity (to obtain a finer oxide scale
microstructure) would then limit the amplitude dktroughness developing during the
oxide scale inner growth; this would allow for aitriease in the oxide scale mechanical
lifetime. Finally, it is important to note that tlmeughness development is only weakly
related to the oxide scale growth kinetics. Thenpingenon relies in essence on the
inward oxide development, which then provides apengimit to its extent. But on the
other side the roughness long-term developmergsergially controlled by the materials

mechanical and interfacial properties. This sitwatyreatly differs from that considered
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by Liu et al., in which the mechanical lifetime hgghly dependent on the oxide scale

thickness growth kinetics (Liu, Sun et al. 2009).

4.2.6 Conclusion

A mechanism of roughness development associatdd isothermal inward oxide
scale growth on a metallic alloy at high-temperatgrproposed and studied. It relies on a
stress-induced thermodynamic effect on the locadlaion kinetics at the metal/oxide
interface. The continuum mechanics/diffusion frarodwincludes a mechanism of in-
plane growth strain generation resulting from seeoy oxidation within oxide scale
grain boundaries, plastic stress accommodation arfdst diffusion path along the
propagating phase boundary. The non-uniform gravith chromia scale over a ferritic
stainless steel used in SOFC interconnects is atedil The conditions allowing for the
development of a roughness pattern identified eersé micrographs in the literature are
investigated. The generation in association withdkide growth process of an in-plane
inelastic strain, as described by the Rhines andf Yeory, can promote the gradual
development of a small initial roughness, under th#uence of the engendered
compressive elastic energy gradient along thefater The roughness formation induces
the increase in critical tensile and shear strespasticularly upon cooling. Their
development with isothermal oxidation time is sadji demonstrating the likely
detrimental contribution of the phenomenon on thel® scale/metallic alloy system
mechanical lifetime. Finally, the influence of thein parameters and processes on the

roughness development kinetics are discussed,ngvhew directions for the design of
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long-term resistant metallic alloys for SOFC intmmoects. The following properties
should be forsaken:

(1) An homogeneous composition and a fine micrasting at the microscopic scale of
the metallic alloy surface;

(2) A low oxygen diffusivity along the metal/oxit@undary;

(3) A high interfacial energy;

(4) Low oxygen and chromium diffusivities withingloxide scale grain boundaries to
limit the local phenomenon of strain generationultasy from secondary oxidation;

(5) A fine oxide scale microstructure to enhan@eprrelaxation.
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4.3 Investigation of athermal barrier coating system

4.3.1 Introduction

Thermal barrier coatings are used in aircraft amtustrial gas-turbine engine to
allow a high functioning temperature while maintag sustainable conditions for the
metallic structure. However, at high temperatune, cxide scale (commonly named
thermally grown oxide, TGO) develops between thatiog, usually made of yttria-
stabilized zirconia (YSZ), and the metallic boncatc{@BC), limiting the lifetime of the
coating and as a consequence the long term réyabfl the structure. The oxide scale,
mainly constituted of alumina oxide, presents digantly different thermal expansion
and creep properties than the surrounding YSZ d@daBers. This induces high stresses
and deformations upon cooling at room temperatig&ding to crack nucleation and
eventually to the spallation of the top coat. Thing growth of the TGO during high
temperature operations is the most important phenom responsible for the TBC
intrinsic failure (Padture, Gell et al. 2002; Evafdarke et al. 2008). However, if the
global mechanisms driving the oxide scale develograee well known, the factors for
varying kinetics and the development of a rough amdlulated scale are poorly
understood.

Initial undulations appear during the BC and YSatows deposition processes
(Evans, Mumm et al. 2001; Panat and Hsia 2004; y#mdthan, Jordan et al. 2004;
Panat, Hsia et al. 2005; Busso, Wright et al. 200/ wavy interface might then evolve
in a detrimental manner during functioning oxidati®everal studies have investigated
the development of undulations at the TGO/BC imief pointing out the key roles of

oxide growth stresses and interface geometry (Man&et al. 2000; Spitsberg, Mumm et
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al. 2005; Tolpygo and Clarke 2007; Evans, Clarkalef008). These works focus on
plastic and creep deformation during cooling anakting cycles, or stress-driven material
diffusion within the BC (Panat, Hsia et al. 200anBt, Hsia et al. 2005), but all consider
a uniform growth of the TGO. To our knowledge, ntudy has been performed
considering a local effect of stress on the oxatatkinetics at the BC/TGO interface,
which could result in the non-uniform growth of theide scale, a factor which has been
identified as strongly detrimental to the TBC life¢ (Evans, Clarke et al. 2008). It
would result in additional stress concentrationgrupooling and might lead to large local
scale deformations of the oxide layer, accelerating development of cracks and
spallations. Even limited oxide scale morphologyiations might become significant
under the effect of thermal cycling. Thereforasiof primary interest to understand the
mechanisms leading to a non-uniform oxide growthamify the contributions and
identify the most influential physical parametéeFhis should allow for the optimization
of the TBC material system design in terms of cositpmn and fabrication process, and

also help predicting the location of failure.
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4.3.2 Simulation description
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Figure 4.10: Schematic of the TBC system model {mstale).

The framework developed is applied to a practiealecconcerning a thermal barrier
coating (TBC) formed by electron-beam physical vageposition (EB-PVD) of yttria
stabilized zirconia (YSZ) over a Pt-aluminized NiBbnd coat (BC) adapted from the
model by Busso et al. (Busso, Lin et al. 2001; Buasd Qian 2006). The simulation
describes the long-term isothermal growth of theleXayer (named thermally grown
oxide, TGO) at the operating temperature, 11003Gpddation of the metallic bond coat
at the metal/oxide interface. The simulation domaiescribes a cross-section
perpendicular to the YSZ/BC interface plane anchéshed with generalized plane strain

elements. The YSZ and BC layers are modeled, aadnitial YSZ/BC interface is

167



idealized as a wavy-type segment, as introduceBusgo et al. from scanning electron
microscopy micrograph observations. Here the initigerface is described by a generic
quarter sin period, as presented on Figure 4.1@jnénsions representative of a typical
local roughness after coating deposition (8um-watld 3.2um-depth) (Busso and Qian
2006; Busso, Wright et al. 2007). Symmetry boundeoynditions are enforced for
displacement at the lateral sides and for the ti@sk of the domain, which forces the
system to expand uniformly in the in-plane directiqx and x). Additionally, in order
to account for the in-plane deformations practicathposed by the thick substrate,
displacement boundary conditions are effectivelpliad in these directions. At the

oxidation temperature, a value typical of creepesatxhibited by single crystal
superalloys in service is used, =¢,,=10°s" (Busso, Lin et al. 2001). Finally the

simulation domain is fixed at the lower boundary free to expand at the top surface.
The materials parameters are given in Table 4.zhimbond coat (Pan, Chen et al. 2003),
the thermally grown oxide (Cheng, Jordan et al.8)%nd the YSZ coating (Cheng,
Jordan et al. 1998; Busso and Qian 2006). For #daton volume eigenstrain, The

Pilling-Bedworth ratio is taken from the primaryidation reaction ag1 =1.28, which

gives an isotropic volume strain &f,

vol

=0.08. From the numerical scheme implemented

the propagating metal/oxide phase boundary degmmipivithin the finite elements
domain relies on the mesh. The zone covered byatgid during the simulation is then

finely meshed using 36000 1st order elements oédsions 0.0X0.04 pum.
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Table 4.2: Mechanical properties of the bond cibet,TGO and the YSZ thermal layer at
1100°C.

Parameter Symbol Material
[units] Bond coat Oxide YSZ
Young's modulus  E [GPa] 92 320 173
Poisson’s coefficient v [] 0.3 0.25 0.12
Yield stress 6, [MPa] 30 1000
Ner [1 4 2.3

Creep parameters A, [MPa‘N”s'l] 15 1011 5 1013

The long term inner TGO growth at high temperatisrdimited by the oxygen
inward diffusion through the developed scale. Tii&al configuration is here obtained
from the uniform growth of a thin oxide layer (QuBn) from a stress-free system in a
time obtained from the empirical kinetics law inudo and Qian 2006) (about 30 hr). A
fixed unit concentration is considered at the fsagface for oxygen, providing that the
absorption process is infinitely fast compared ke tonic transport. The oxygen
solubility in the bond coat is assumed negligibld aonstant diffusivities are employed.
Effective diffusion parameters are formed by muyiipg the diffusivities with the stress-

free relative vacancy concentration at the phasendary, 5, =C,/G,, which

constitutes the scaling factor for the diffusiomdjent and is enforced at the initial step.

This parameter is fitted for the TGO so that thalesgrowth kinetics matches globally
the value of the experimental data over the siredléime. A value oD d, =10 m’s*
is thus assigned. The diffusion parameter for t& Yayer is obtained through the ratio

of its diffusivity to the one of the alumina scalehich gives a ratio arounti0’ from

(Huntz, Balmain et al. 1997) and (Krishnamurthy,ovicet al. 2004). Such a high value
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makes the thermal coating, as it is known, traresgaior oxygen diffusion. Symmetry
boundary conditions are applied on the lateralssafehe domain for diffusion (zero flux
normal to the boundary). To the author's knowledge, values are available in the
literature for the vacancy diffusivity along the BGO phase boundary. It is here

estimated through the surface self-diffusivity af(Bonzel and Gjostein 1968) and gives
a diffusion parameter af0' m’s*. The metal/alumina interfacial energy is takerbéo
y, =1 JInt, based on experimental data (1.38%XMturr 1973)) and values used in other

studies (1.1J/M(Saiz, Cannon et al. 2008), 13/(Panat, Hsia et al. 2005)). Finally, in

order to set the oxidation kinetics, the drivingcto for a stress-free flat metal/oxide
phase boundaryf’, has to be defined. Since no bibliographic or expental data of
this parameter have been found in the literatutehas been set from physical
considerations. Observation of the oxide/metalrfatee morphology has been used to set
f°. The curvature-related thermodynamic foree),, can easily be quantitatively
estimated since the interfacial energy is known twedcurvature range can be identified
from cross-section micrographs. Since it compariéis i° for the interface evolution, it

thus provides references for the setting of thiupeter. The first considered situation is
that the effect of the curvature-related thermodyicgforce alone on the phase-boundary
propagation should be negligible on the initiakenfdce geometry corresponding to the
experimentally observed roughness. This allowsHeruniform growth of the convoluted
oxide scale when stresses are negligible. Theainitiaviness exhibiting a curvature

radius of the order of 10um, it requires?’ > 1/(10x10° )y, . The second situation

considers the minimum bound of the roughness. Fobservation, it is estimated to
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0.1um. Consequently, smaller morphologies should nbturally flattened, giving:

f°~1/(0.1x 10° )y, . Thus a value off°=5x10"J/n? has been chosen. A value of

M, =10 m*/J/<is then obtained for the interface mobility froguation (3.27).

4.3.3 M echanism of non-uniform thickness development

The results from the numerical simulations are gmé=d in this section. They
include the stress and curvature effects on thal Ipropagation kinetics of the oxide-
metal phase boundary, the volume eigenstrain geoerfaom the direct metal oxidation
at the inner interface and the time-dependent dsawéime-independent behaviors of the
different materials, and the specific mass diffasialong the propagating phase
boundary. Note that the effect of an in-plane glostrain developing from a process of
secondary oxidation within the oxide scale grairurmaries has also been tested.
However, this mechanism alone results in a nedégiihase transformation work at the
propagating boundary due to no significant speciiitume change at the interface.
Furthermore, the local elastic energy in the ox@ains limited in this case owing to a

high creep at the elevated considered temperature.
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Figure 4.11: a) Oxidized bond coat layer after 408 335 hours of isothermal oxidation.
The dashed lines show the interfaces correspondiaginiform oxidation. b) Oxidation
kinetics at different locations.
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The oxidized bond coat layer in the TBC environmenpredicted after 100 and 335
hours of isothermal oxidation is presented on Fgdrll a). Following the study by
Busso and Qian (Busso and Qian 2006), these tiraes heen selected because they
represent a lower and an upper bound, respectigéijye oxidation time leading to the
critical conditions resulting in the TBC spallatiapon cooling at rest temperature. Also
shown on Figure 4.11 a) for comparison are the eiriétal interfaces at the different
times which would correspond to a uniform oxidatiddote that the undeformed
configuration is presented in order to point o txidation kinetics contribution to the
oxide scale development, eliminating the effectheflarge phase transformation volume
eigenstrain in the true oxide thickness growth.ibgithe first 100 hours of oxidation, the
phase propagation has remained quite uniform. Brihd the following 235 hours, local
oxidation kinetics have significantly differ leadimo the development of significant non-
uniformities in the oxidation layer thickness. Thacal history of oxidation layer
thickness at different locations along the phasandary is presented on Figure 4.11 b),
along with the average value for comparison. ThatpoA, B and C correspond to the
peak, the mid-slope and the valley, respectivelythe oxide-metal phase boundary as
illustrated on Figure 4.11 a). The average oxidizede thickness follows the empirical
kinetics law, giving 0.8 um after 100 hours and L@ after 335 hours, but dissimilar
local developments have been induced by the vargingss field along the inner
interface. The highest oxidation kinetics is foundbe at the peak and the slowest at
valley, the mid-slope presenting a slightly aboverage value. The main deviation is

clearly located at the valley, where the oxidati®mlmost stopped after 300 hours. The
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corresponding relative oxide zone thickness vamtiwith respect to the average value

at the three locations after 335 hours are +8%<€2%(B) and -29% (C), respectively.
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Figure 4.12: Average a) stress contributions andag}ions and normal deformation
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metal boundary.
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In order to investigate the stress situation whead to this non-uniform oxidation,
the two contributions of the stress influence oe gmocess kinetics, namely the work

required to complete the deformation associatett Wie metal phase oxidation at the

stressed interfaceyw" =%(0’++0'_)2[F], and the change in elastic energy of the

transformed volume over the procegs/V°® ={I‘I|We‘ - \N’”} , are presented on Figure

4.12 a). The data are averages of the simulatiepsstontributions weighted by the
average step propagation increments over the timges of interest in order to reflect the
influences histories. It can be inferred that tbeal oxidation kinetics variations are
essentially driven by the phase transformation wavkich exhibits a much higher
variation amplitude along the interface than thes#t energy change. This situation is
due to the large phase transformation eigenstraichneads to plastic accommodation
of the components in the constrained directiorsylting in a similar dominant in-plane
compressive state along the interface. However, uhéulated geometry induces a
varying situation along the free direction, whishtihe one of main development for the
volume eigenstrain, resulting in high accommodatiark variations along the phase
boundary. The traction and the normal componenthef deformation gradient jump
along the phase boundary are presented on Figaée ), making explicit the main
contributions to the oxidation work variations. THeformation normal to the phase

boundary is quite uniform, arounid, —1= 0.28, although it can be seen that it increases

from the peak to the valley region. The higher eadtithe valley compared to the peak is
due to the fact that the TGO and the YSZ coatirg lass strain compliant than the

metallic bond coat, inducing a more limited in-gaaccommodation of the oxidation
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volume eigenstrain at the valley in comparison wite peak. On top of being rather
uniform, the data are also quite constant in twidch backs up the validity of the model
of a phase transformation eigenstrain exhibitingoastant anisotropy with the main
direction along the local normal to the phase bamp@Busso and Qian 2006). However,
the variations of the main transformation straimponent along the interface, even if
limited, greatly influence the local traction. Frdhis analysis, the traction is clearly the
main component of the local oxidation kinetics &dns. It is essentially compressive in
the valley region, inducing the lower oxidation ddiics, slightly tensile near the peak
resulting in the faster than average oxidation aadishes at the mid-slope. It is
interesting to notice that the stress contributypadient is significant over the 0-100
hours range, even if little non-uniformity in thewetlopment can be observed at the term
of the period. This highlights the progressive depment of the oxide scale, but stress
effects at long term are also reinforced by thee rof diffusion along the interface.
Indeed, it becomes more and more influent with tgimee the oxide thickness increase
leads to a decrease of the arriving oxygen fluxysthallowing for a larger mass

redistribution along the phase boundary.

4.3.4 Influence on mechanical failure

Thermal barrier coating systems typically fail lrde-scale delamination of the
thermal coating. This delamination phenomenon testdm the coalescence of in-plane
cracks developing in the vicinity of the thermafiyown oxide (TGO). The nucleation
and growth of such cracks are thought to be driwetensile stresses rising upon cooling

due to the undulated morphology of the thermallgwgr oxide (Evans, Mumm et al.
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2001; Padture, Gell et al. 2002). Actually, impatttensile stresses within the ceramic
alumina TGO and yttria-stabilized zirconia therntalating (YSZ) layers, as well as
substantial shear and tensile tractions at the Ti@faces might develop as a result of
unsymmetrical volume shrinking of the different eréls upon cooling. These stresses
would play a significant role in the generation axension of in-plane and interfacial
cracks. The maximum values of these critical seedsave therefore been monitored
during the isothermal oxidation and upon the matesystem cooling to room
temperature. The results are compared to a situafieniform oxide growth in order to

evaluate the contribution of the non-uniform oxsdale development.
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Figure 4.13: Maximum traction and shear stresséseaBC/TGO interface upon cooling
to room temperature vs isothermal oxidation timee Black symbols correspond to the
case of non-uniform oxide growth and the white diees uniform development.

No significant difference in the identified criticstresses can be noticed at oxidation

temperature between the uniform and non-uniformrd@xgrowth cases. The stresses
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remain anyway limited (below 100 MPa) at high terapgre owing to the low elastic
limit of the metallic bond coat and the importantep relaxation within the thermally
grown oxide layer. The maximum traction and sh&asses along the BC/TGO interface
developed upon cooling after given isothermal oaotatimes are shown in Figure 4.13.
The traction maximum, almost constant in the unifgrowth case, is actually decreased
at long term as a result of the stress-inducedurmsform oxidation. The interface even
becomes fully compressed after around 300 hours.ififfuence is different regarding
the maximum shear developing at the BC/TGO intexfade values corresponding to
the uniform and non-uniform growths remain closd eather constant until around 400
hours. A significantly higher shear then develogsutting from the increase in interface
curvature induced by the stress-affected isotheormlation (see Figure 4.11). Indeed,
the maximum shear is located on the side of thephwogically evolving valley (x~=
7um). It nearly doubles between 400 to 500 hoursxadation, increasing from around
250 to almost 500 MPa. This evolution is likelyp@cipitate interfacial crack nucleation
and growth. Thus the non-uniform oxide growth lly to accelerate the mechanical
failure of the thermal barrier coating system bitiating an early delamination at the

BC/TGO interface.
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Figure 4.14: Maximum traction and shear stressdseal GO/YSZ interface upon
cooling to room temperature vs isothermal oxidatiore. The black symbols correspond
to the case of non-uniform oxide growth and thetevbnes to a uniform development.

The development of geometry-induced tensile steesgéhin the YSZ coating is
thought to play a key role in the growth of in-pdacracks causing TBC delamination,
notably under the effect of a ratcheting mechargéssociated with thermal cycling. In
the simulated situation, the maximum tensile steegsally develops at the YSZ/TGO
interface. The evolution with isothermal oxidatisme of the highest traction along the
material discontinuity upon cooling to room tempera is presented in Figure 4.14. The
maximum interfacial shear is also given. Howeviecan be seen that no significant shear
stress develops at the YSZ/TGO interface both é uhiform and non-uniform oxide
growth cases. The increase of the traction maxirmssignificant and rather similar in
the two cases. The critical stress reaches abd¥dM&, and cracks are then likely to be
induced at or in the vicinity of the interface. &adl, the tensile strength of the TGO at

room temperature has been reported to be lower tthianvalue (it is estimated to 300
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MPa in (Vaidyanathan, Jordan et al. 2004)). AltHotitey are close, the uniform oxide
growth constitutes here the most detrimental of tthe situations, owing to a higher
increase rate compared to the non-uniform developni®m above 200 hours of

isothermal oxidation.
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Figure 4.15: Relative variation of the TGO undwatamplitude upon cooling to room
temperature vs isothermal oxidation time, giventfer cases of non-uniform and uniform
oxide growth.

Finally, the TGO deformation upon cooling is analyz Indeed, a ratcheting
mechanism associated with thermal cycling has b&®wn to possibly lead to a
detrimental increase in out-of-plane tensile stre#ts time (He, Evans et al. 2000).
Although such a mechanism has not been simulateg] hds interesting to investigate
the possible contribution of the described stredglsitted non-uniform oxide scale growth.
The variation of the TGO undulation amplitude upmoling to room temperature after
different isothermal oxidation times is shown ingliie 4.15. The values are given

relatively to the variation obtained from the ficsioling simulation for the non-uniform
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growth case. It can be observed that a much mamifisent amplitude increase is
induced upon cooling of the non-uniformly growingide scale. The difference is
already significant at 100 hours, and continuourstyeases with oxidation time. At 450
hours, the relative amplitude variation is aboutiMes higher in the stress-affected
oxidation case. These data demonstrate the liketsindental effect of a non-uniform

TGO morphology on the deformation of the oxide scapon cooling. Although this

study is not sufficient to conclude, a mechanisrstodss-induced non-uniform oxidation
might then aggravate the ratcheting phenomenontlansl contribute to decrease the

thermal barrier coating mechanical lifetime.
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4.3.5 Influence of material-related parameters
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Figure 4.16: Evolution with oxidation time of thatio of the maximum local scale
thickness to the minimum value. The results aregreed for different oxide-metal
interface energies and diffusivities.
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Figure 4.17: Cross section SEM of a thermally grawitde in a TBC system, showing a
typical morphology of the failing stage.
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The non-uniform morphology of the oxide scale hasrbidentified as a potentially
strongly detrimental factor for the TBC lifetime, agreement with the litterature (Evans,
Clarke et al. 2008). Figure 4.16 shows the evotutigth oxidation time of the ratio of
the maximum local scale thickness to the minimunue/aThe respective influences of
the oxide-metal interfacial energy and diffusivése also presented. It can be seen that
very significant thickness non-uniformity developsh time in the reference case, with a
maximum local thickness getting close to twice thi@imum one after 500 hours. The
development is quite linear with time, with a raterease at around 200 hours. As
noticed previously, the non-uniformity is limiteftex 100 hours of oxidation, with a ratio
value around 1.1 (10% thickness difference), butensignificant after 335 hours where
it reaches almost 1.5 (50%). These values are stensiwith local thickness ratios than
can be observed on SEM micrographs, see for instaigure 4.17 (Busso, Wright et al.
2007). The fast mass diffusion along the innerrfat® is a key process contributing to
the significant variations in local oxidation kit Therefore the phase boundary
diffusivity influences the rate of non-uniform magogical development through the
kinetics of mass redistribution. However, it candeen on Figure 4.16 that the effect of
an interface diffusivity variation by an order ofagnitude from the reference case
considered is limited on the non-uniformity devetegnt. This indicates that the diffusion
process is not limiting significantly the interfaegolution in this case, owing to a high
reference value for the interface diffusivity. Fietmore, no clear influence can be
deduced here since a decrease of the diffusivigntenally leads to an increase in non-
uniformity. This situation is due to the strongdbcoupling between oxide propagation

and traction at the interface, resulting in a direffect on the traction gradient of a
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variation in the oxidation kinetics profile. Thefluence of the phase boundary energy is
very significant, proving its relevant contributiam morphology development damping.
The interfacial energy decreases the magnitudaéeohon-uniform oxide growth, under
the effect of the thermodynamic force formed inoagstion with the local curvature
which drives a mass repartition along the interfagepromote its flattening. The
simulation data reported in Figure 4.16 show timaharease by an order of magnitude of
the interfacial energy results in a dramatic deseaf the morphology development rate,

leading to a thickness ratio below 1.2 after 500rB@f oxidation.
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Figure 4.18: Curvature radius vs traction amplitude

Stresses are generated in response to the largem@atigenstrain induced by the

oxide phase propagation over the metallic bond. ddarefore the stress influence on the
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propagation process introduces an indirect locapling which tends to uniformize the
traction gradient along the propagating phase bawgnd'he traction gradient along the
metal/oxide phase boundary is closely related terface geometry, resulting in local
elastic and inelastic accommodations presentirfgréifit anisotropies. On the other hand,
a similar coupling is induced by local curvaturdiietr at the same time influences and is
affected by interface propagation. The two effents here opposed, and it is therefore
relevant to study which curvature would match thress influence, thus providing a
natural range for stress-induced roughness. Figur@ presents the matching curvature

radii for a given range of traction amplitudeSg,, obtained through the approximate
relation: R=1/k =y, l{Ac, (M, =1} . The initial maximum curvature radius is around

5um for the model undulation and the traction amgktus around 30MPa. It is therefore
logical from the graph to obtain a high local cunva development, since the equilibrium
radius is more than twenty times lower than the ofiethe initial interface. The
phenomenon is only limited by the process kinefidse effect of an interfacial energy
increase is also presented, showing again the emgficial contribution. This graph
provides two guidelines for the TBC material systdesign in order to limit non-
uniformities development: to increase the intedh@nergy, as stated earlier, and to
increase the stress relaxation at the phase boumdarder to limit the local traction
magnitude. Globally, the maximum traction magnitadidnigh temperature is essentially
set by the bond coat plastic yield stress, whidukhthen be as low as possible in this
environment. Lowering the initial interface rougbsenould also be beneficial since it
would result in a decrease of the initial maximuaction (Busso, Wright et al. 2007),

thus slowing down the non-uniformity developmemtekics.
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4.3.6 Conclusion

A study of oxide scale growth developing a non-omif morphology in an EB-PVD
thermal barrier coating system is presented. based on a mechanism of stress-affected
oxidation kinetics at the metal/oxide sharp phaseundary. The continuum
mechanics/diffusion framework includes the volumgeestrain generation from the
main oxidation at the inner interface, the timeaeent and time-independent
accommodation behaviors of the different materias, well as the specific mass
diffusion along the propagating phase boundary. §thdy reveals that a stress-affected
local oxidation kinetics assisted by a large masistribution through diffusion along the
phase boundary might induce the development ofxatleoscale of significantly non-
uniform morphology. The main influence on the oxidia kinetics local variation comes
from the phase transformation work accompanying pmepagation of the phase
boundary under a traction profile related to thergetry. This work is induced by the
accommodation of the large volume eigenstrain astamt with the metallic phase
oxidation, which develops mainly along the normiakction to the interface. The non-
uniform oxide growth induces at long term a sigrfit increase in the maximum shear
stress at the inner interface at room temperatuedso leads to an important increase in
the undulation amplitude development upon cooliffgese two phenomena are likely to
dramatically reduce the TBC system lifetime. Fipalthe influences of the main
parameters on the thickness non-uniformity develmrare investigated. The interfacial
energy is identified as a key property for theraiegion of the development of a rough
interface, competing with geometry-induced tracticariations. The study provides

directions for the design of bond coat metalliowdl in view of increasing the thermal
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barrier coating mechanical lifetime. The followipgoperties should be forsaken for the
bond coat material:

(1) A high metal/oxide interfacial energy.

(2) A high plasticity at oxidation temperature (Iphastic yield stress and high creep rate
at low stress) particularly in the vicinity of tlaloy interface with the YSZ coating,
where the TGO forms. Note that the bond coat isaaly designed to accommodate the
deformations induced by the coating depositiontaedoxide layer growth. However, the
mechanical behavior at room temperature where tla@mum stresses develop is
engineered, but not necessarily the behavior abxitation temperature.

(3) A low initial roughness at the BC/YSZ interfagiace the traction variation along the
propagating metal/oxide phase boundary results fradhe geometry. This
recommendation is common to all failure investigasi since it also allows limiting the
maximum tensile stresses developping upon cooling.

(4) Finally, the other recommendations made inS#-C interconnect investigation also
apply for the TBC system although they haven't bdeactly assessed in this study: a
homogeneous composition and a fine microstructaréhe@ microscopic scale of the
metallic alloy surface; a low oxygen diffusivityoalg the metal/oxide boundary; low
oxygen and chromium diffusivities within the oxideale grain boundaries and a fine

oxide scale microstructure.
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4.4 M echanism / influences assessment

In order to validate the model and the provide@dions for mechanical lifetime
improvement, the presented mechanism of stresstafféocal oxide growth and its main
influences should be experimentally assessed.

A direct experimental observation would not be paes considering the
inaccessibility of the key evolving data: stressist field at the metal/oxide boundary
and interface geometry. Traction across the discoity and elastic energies on each
side of the interface should be monitored in-sitirth isothermal oxidation, along with
stress-free strain development associated with Inogidation and the phase boundary
displacement in order to quantitatively evaluate thodel. A direct measurement of
stress at the interface is probably not possiblé vaday’s techniques, which detect an
average normal stress level within the resolutiamez Therefore, they only allow
recording the dominant principal stress, which igsimlikely to be an in-plane
compression within the thermally grown oxide scédlewever, depending on the main
growth strain generation mechanism, the maximummlame stress will not necessarily be
at the metal/oxide interface (Saillard, Cherkaduale 2009). A direct measurement of
other stress data and stress-free strains develdgpmeven less conceivable. Finally, the
interface geometry cannot be observed in-situ sihoegquires a cross-sectionnal cut or
the oxide scale removal. Therefore, a direct expemial assessment is not possible.
Besides, the fact that available information isitéd to only indirect data constitutes a
key motivation for progress in modeling and simolatof material systems evolution

during high-temperature oxidation.
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Even an indirect assessment of the stress-affeptiehtion mechanism modeled in
this study would be difficult considering the urte@mty on the main parameters and the
difficulty to obtain experimental estimates. In tfathe oxygen diffusivity along the
metal/oxide boundary and the interfacial energyehdeen identified as the most
influential material-related parameters. Experimméassessment of the influence of these
two parameters would be difficult due to the latklata for different metallic alloy/oxide
scale systems. Furthermore, the likely variatiomduced by minor alloying elements,
additives and impurities not only on these propsriout on the whole oxide growth
process would render the general validity of angegxnental measure uncertain (as it is
the case for diffusivity or creep data through thermally grown oxide scale for
instance). However, ranges for specific materisteasps and trends associated with the
presence of a minor species might be identifiedablg with the help of computational
thermodynamics, atomistic approaches and firstefpla calculations (Silva, Agren et
al.).

An experimental validation, at least qualitativepoe of the model influences would
still be valuable to its assessment. The comparodeveloped non-uniformities in
oxide scale thickness for different specific expemts might allow observing a targeted
influence. Morphological patterns should be ideatifand statistics in occurrence and
dimensions compared between experiments.

The traction magnitude might be affected by expental means while keeping the
same material system. For instance it would beresteng to perform two similar
isothermal oxidation experiments on a thermal barcbating system, one with the YSZ

coating and another one with the coating removedkeedd, the relaxation of the constraint
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imposed by the top layer should greatly affect dbé-of-plane stress magnitude. Note
that for a meaningful comparison the oxide growihetics should be similar in

magnitude and development direction. Therefore témeperature gradient within the
YSZ coating should be accounted for such that tkileo scales grow at similar

temperatures in the two experiments.

Another method for stress influence assessmentidmilto directly apply a lateral
(in-plane) stress to the material system (thermadriér coating system or SOFC
interconnect plate) during an isothermal oxidatexperiment. However, the imposed
stress should be of the order of the in-plane dnostress within the TGO to be
significant. At this value, a high plastic deformat of the soft metallic bond coat and/or
the damage of the YSZ or another oxide coatinglikety, which might prevent from
meaningful comparisons between experiments atrdiftestress levels.

Finally, a last track would be to perform isothefmaidation experiments with
metallic alloys presenting the same compositiondiifiérent microstructures (in term of
mean grain size). This should affect the stressxation flow rate within the metallic
phase and as a consequence the stresses magiitbdeogide/metal interface. In order
to assess the influence of this parameter, thialimitetal surface (or interface if a coating
is present) rugosity should be similar for the eliéint experiments despite different alloy
microstructures, and the stress relaxation vanatwih grain size should be previously

guantified and be significant.
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4.5 Guiddines and effects of additives

The two case investigations performed in this stlelyd to support common
recommendations but also provided new tracks tat lmon-uniform morphological
developments that might be induced by a stressteffie oxidation at the metal/oxide
interface. The general guidelines aim at limitingess development at oxidation
temperature and particularly along the metal/oxim®indary on one hand (initial
roughness limitation, oxide grain boundary diffusés reduction, plasticity/creep
enhancement); and at uniformizing material propsrélong the metal/oxide propagating
front on the other hand (homogeneous chemical csitipe and fine microstructure).
The new optimization recommendations provided by tleveloped model of stress-
affected oxidation concern the interfacial energy ahe oxygen diffusivity of the
metal/oxide boundary.

The interfacial energy has been identified as a p@perty for the attenuation of
roughness development at the propagating phasedapunt forms a driving force in
association with the local curvature which tendsutaformize the interface geometry,
and is directly competing with stress-induced lowalriations. Therefore from a
thermodynamic approach, increasing the metal/okitkrfacial energy would be highly
beneficial in reducing roughness or non-uniform phaiogy developments. However,
attention must be paid to the influence regardhmgyinterface adhesion energy. Indeed,
the adhesion energy is an essential property megsiine resistance to delamination of
the oxide scale. It thus constitutes a key paranfetethe material system mechanical
lifetime. The adhesion energy (or work of adhesia)y, is related to the interfacial

energy,y, through the Dupré equation:
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Wad = ymet+ yox_ yl (41)

where ymet and yox refer to the surface energy of the metal and tkeleo phase,
respectively. Any modification of the material sst considered will affect each of the
four parameters, such that no direct correlation ba made between adhesion and
interfacial energy, even though the two properéesclosely related. Note that the work
of adhesion is the free energy change per unitred avhen reversibly separating an
interface to create two surfaces (the interfacnargy is the free energy associated with
the extension of the interface by a unit surfa@aprThe reversibility condition renders
the measure inappropriate for delamination desonpf the two new surfaces are not
given enough time to equilibrate, as it would be dase at least at room temperature
(Saiz, Cannon et al. 2008). Then a work of sepamativhich disregards any dissipation,
might form a more relevant measure for stress-iadunterface fracture energy at room
temperature. Estimates of the interfacial energltae work of adhesion/separation for a
given material system can be obtained through atiesrgéimulations, thus allowing for
the combined optimization of the two properties.

Oxygen diffusion along the metal/oxide boundargikey process in the proposed
mechanism of stress-affected oxidation. It mighbval large redistribution of the
incoming oxygen flux at the interface and as a equsnce the development of large
non-uniformities in oxide phase propagation ovee tmetallic substrate. Thus, a
reduction of the oxygen diffusivity at the interéawould be highly beneficial to limit
roughness or non-uniform morphology developmentswéVer, fast diffusion at the
metal/oxide boundary also allows uniformizing thede scale growth through spreading

of the oxygen fluxes arriving from grain boundari@$erefore, a finer oxide scale
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microstructure might be necessary to compensate odtygen interface diffusivity

reduction, thus limiting bump formations at grawubdaries (an illustration is provided
in Figure 1.29 (Evans, Clarke et al. 2008)). Sirhlaa more uniform composition of the
oxide layer, particularly in terms of main phasesl @ossible precipitates would help

reducing local discrepancies in oxidation kinetics.

The major influence of alloy composition on thediscale growth and its lifetime
has long been recognized. Aside from the role ohmanstituent mass fractions, quite
well understood (for instance the requirement ofimimum Cr content in Fe-Cr alloys to
prevent chromium depletion in the substrate leadmgporosity and voids formation
(Yang, Weil et al. 2003)), the presence in mincargities of alloying elements, additives
or impurities has long been shown to dramaticalfgch the oxidation kinetics and the
time and mode of failure (Stringer 1989; Hou andn§er 1995; Hou 2003). Thus, a
minor concentration of manganese (Mn), introducedraalloying element or present as
impurity in Fe-Cr alloys, has shown a significantideneficial impact on chromia scale
formation. Manganese ions segregate at grain boi@sdaithin the oxide scale and form
a spinel phase which leads to a slower oxidatide end an improved electronic
conductivity. It also limits chromium evaporatioa, major issue for metallic SOFC
interconnects (Brylewski, Nanko et al. 2001; Yawil et al. 2003; Horita, Xiong et al.

2004; Kurokawa, Kawamura et al. 2004; Fergus 2005).
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Table 4.3: Main reactive element effects obsenadaiumina and chromia thermally
grown oxide scales.

Oxide Extent Reactive element effect
++ Improved scale adhesion
Alumina + Lower creep rate
~ Slower growth & less outward
++ Slower growth & switch to inward
Chromia + Improved scale adhesion
+ Higher creep rate

Since more than a decade, extensive research bagpbgormed in view of gaining
understanding and optimizing the effects of reacélements. According to Whittle and
Stringer (Whittle and Stringer 1980), any elemefhtiolr presents a higher affinity for
oxygen than the metal constituting the oxide phasany fine dispersion of an oxide of
this element may produce the "reactive elementc&ff6REE). The most employed
elements are yttrium (Y), lanthanum (La), ceriune)@nd Hafnium (Hf). The RE effect
is actually multiple: globally it is characterizdxy a lower oxide growth rate and an
increased lifetime before mechanical failure. Thairmidentified effects for alumina
(Hou 2003) and chromia (Hou and Stringer 1995 paesented in

Table 4.3. The underlying mechanisms to these tsffae still subject of debates.
However, it is acknowledge that segregation ofréective elements to the oxide scale
grain boundaries and to the oxide/metal interfasdjrst observed by Pint (Pint 1996), is
a key base process.

For alumina oxide scales, an improvement in theerlagdhesion to the metallic
substrate seems to be the most beneficial reagli@veent effect. This effect is thought to

result from sulfur and carbon scavenging at theaffetide boundary, thus strengthening
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interface bonds (Stringer 1989; Sarioglu, Stigeale2000; Bennett, Kranenburg et al.
2005; Hou 2008). Note that platinum has been shtovmprovide the same effect.
Although the reported effects seem less significangeneral, a lower creep rate and a
slower oxide growth, particularly in the outwardedition, have also been observed to
result from the addition of reactive elements. Ae sblocking mechanism altering
diffusion is most commonly advanced to explain ¢hesntributions (Cho, Wang et al. ;
Harding, Atkinson et al. ; Chen, Xu et al. 2005;cNka and Clarke 2005; Nakagawa,
Sakaguchi et al. 2007; Heuer 2008; Milas, Hinnemahral. 2008). A higher local
bonding energy has also been proposed (Cho, Waagl etMatsunaga, Tanaka et al.
2003; Chen, Xu et al. 2005; Nychka and Clarke 2@ihan, Matsunaga et al. 2006;
Milas, Hinnemann et al. 2008), which might be du¢hie removal of impurities as sulfur
(Nakagawa, Sakaguchi et al. 2007). Finally, ancefb® grain growth reducing the grain
boundary volume fraction within the oxide scale Iheen suggested (Liu, Gao et al.
2000; Naumenko, Gleeson et al. 2007).

The dominant observed reactive element effect fwormia scales is a significant
reduction in the oxide growth rate and a switchthef main direction of development
from outward to inward. Reactive elements are hiboright to contribute through the
annihilation of the metal diffusion sites (Pieraggid Rapp 1993; Liu, Stack et al. 1998;
Ramanarayanan, Mumford et al. 2000), or an altavadf the metal transport through the
interface (Hou and Stringer 1995). As for alumircales, the addition of reactive
elements has been shown as being very beneficiaetadhesion of chromia scales, most
likely by preventing vacancy condensation at theéahexide interface (Stringer 1989; Li

and Hou 2007). Finally, reactive elements have &leen observed to reduce stress
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development at oxidation temperature. This effesdhbught to result from the reactive
elements increasing the density of oxide nucleasdss, thus resulting in a finer
microstructure of the growing oxide scale (Huntagbigh et al. 1998; Chevalier, Valot

et al. 2003).

Each of the reactive element effects might infleetivze proposed mechanisms of
non-uniform oxide scale growth resulting from aes# effect on high temperature
oxidation. However, considering the different imfhces and their strong couplings, it
seems not possible to draw general conclusionsifstance, a lower creep relaxation
coupled with a more inward oxide growth would irase morphological developments
induced by stress-affected inner oxidation. Thiesatdition of reactive elements could
be to some aspects detrimental to metal/alumini s mechanical lifetime. However,
the influences on the key properties that are titerfacial energy and the oxygen
diffusivity of the metal/oxide boundary are missipgeventing any tentative conclusion.
The situation is similar for the growth of chromszales, although this time the
refinement of the oxide layer microstructure and thduction of stress development
constitute two very beneficial contributions basedour investigation. The interfacial
energy and the oxygen diffusivity of the metal/@xisbundary might be tailored through
the use of additives, notably reactive elementgiesthey are known to segregate at the
interface (Pint 1996). However to our knowledge,tremd even qualitative is available
concerning an effect of additives on the interfagaergy and the interface oxygen
diffusivity. Considering the difficulty to experime&lly measure these properties,

atomistic simulations should be set up to investighe influence of the base metallic
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alloy and of additives on these parameters. Suegbstigations on the variations of key
properties depending on alloy composition should doeipled with representative
macroscopic analyses using the developped simaolatiol. This method should allow
providing strong recommendations for metallic altigsign significantly improving the

mechanical lifetime of the considered interconraext thermal barrier coating systems.
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CONCLUSION

In the presented research work, oxide scale granthassociated stress and morphological
developments during high temperature oxidationrarestigated. The objective is to improve the
understanding of the mechanisms leading to theloweent of oxide scales of non-uniform
morphology, a situation which has been identifiecatcelerate mechanical failure and thus to
limit metallic systems’ lifetime in oxidizing endnment at high temperature. Two different
oxides, alumina and chromia, in two different inta$ systems, thermal barrier coatings and
solid oxide fuel cell metallic interconnects aradséd. The phenomenon of oxide scale growth
and its modeling are reviewed, with an emphasistogss development and mechanical failure
mechanisms. This review work pointed out the muetrighental contribution of non-uniform
morphological developments of the oxide scale enntlaterial systems’ resistance to mechanical
failure, as well as the importance of growth stessst oxidation temperature. It lead us to focus
on the investigation of a possible mechanism ogsstinduced irregular morphological

development in growing oxide scales at high tentpesa

A specific formulation of stress-affected local @xiphase propagation by direct oxidation of
the metallic substrate at the metal/oxide interfacdeveloped. The mechanism proposed for a
stress influence on the local oxidation kinetickeseon a deviation from the stress-free quasi-
equilibrium concentration induced by the stress atrdin jumps at the sharp propagating
interface. Since the gradient of concentrationetrigpecies diffusion, the local incoming flux of
oxygen at the phase boundary is in turn affectetlesentually the oxidation kinetics is locally

modified. A continuum mechanics description of sshative sharp interface propagation is then
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derived to include the influence of the elastic rggejump and the phase transformation
accommodation work on the phase boundary propagéinetics. For a complete description of
the local oxidation process, the derivation inchide mass diffusion fluxes, the mass
consumption as well as the deformation work durthg phase transformation process.
Furthermore, it incorporates the contribution o fossible large volumetric strain associated

with the direct metal oxidation.

The local formulation of stress-affected oxidatisncompleted with a phenomenological
macroscopic framework, and a numerical tool is tsed allowing for the analysis of complex
cases. The framework includes species diffusicm polycrystalline material, accounting for fast
diffusion paths and in particular the contributiohthe phase boundary itself as an enhanced
transport route. Two sources of strain generatimng isothermal oxide growth are considered.
They are likely to induce high stresses at oxisat@nmperature, possibly affecting the oxide scale
development and contributing to its precipitatedchamical failure. The two mechanisms
accounted for are a local volume eigenstrain aatetiwith the metal phase direct oxidation at
the metal/oxide boundary, from the original theofyPilling and Bedworth; and an in-plane
inelastic strain resulting from secondary oxidenfation within oxide scale grain boundaries,
following the concept initially introduced by Rhm@nd Wolf. Elasto-visco-plastic mechanical
behaviors are considered for the stress-free straiecommodation within the metal and oxide
materials. In order to implement the presented éaork of stress-affected metal oxidation, a
specific numerical tool has been developed allowiorgthe propagation of an evolving sharp
interface following a complex law dependent ondieklues. It is based on a finite element

method for the fields’ resolution, performed sediadly with a specially developed external
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routine run in pre/post-calculations at each titep $o calculate the phase boundary composition

and propagation.

Finally, two practical situations in which oxideade growth and associated stress and
morphological developments are critical to the matesystem’s lifetime have been identified
and are investigated. The first one considers tineri growth of a chromia layer from a flat
surface of an uncoated chromia forming ferriticelefor SOFC interconnect at moderate
temperature (~800°C). The second treats the deweopat higher temperature (~1100°C) of an
alumina scale at a convoluted interface separatimjckel-aluminum bond coat and an yttria-
stabilized zirconia layer forming a thermal bargeating. For each case, a mechanism of stress-
induced irregular morphological development is ddThe main processes and influences are
analyzed allowing for the identification of key pigal properties. In order to investigate the
consequences of the non-uniform growth regardinghaical failure mechanisms, the evolution
of critical stresses during isothermal oxidationd ampon cooling to room temperature are
analyzed. This study points out the major detrimemble of a non-uniform oxide scale
development on the material system’s mechanicztiriie. Eventually, the influences of material-
related parameters are tested. The study provetesnmmendations on physical properties for the
limitation of detrimental morphological developm&nThese optimization tracks are discussed

along with the possible influence of reactive elatae

This work provides a broad and comprehensive revieWwigh-temperature oxidation, with a
focus on the processes associated with stress anghaological developments, along with their
influence on mechanical failure mechanisms. Whiteesive research has been performed over

the last decades, considerable challenges remainmngerstanding and modeling of the
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mechanisms affecting the oxide/metal systems’ n@chhlifetime. The developed framework
for phase boundary propagation coupled with medadrstress development contributes to the
modeling and investigation of macroscopic phasewtirophenomena coupled with stress
generation. The model applies to many industriastesps undergoing high temperature
oxidation, such as thermal barrier coatings and G@fterconnects. It should also allows for
investigations concerning semi-conductor deviced amore generally any material system
undergoing diffusion-driven sharp phase boundarppagation. It accounts for mass
conservation and large volume eigenstrain developmeassociation with phase transformation,
not present in most sharp phase boundary propagatmiels. The building of the simulation
tool highlighted the complexity of multi-physics uled analysis of a sharp propagating
discontinuity separating two evolving domains. Ogvin the complex and specific requirements
imposed by the developed model for realistic coteplavestigations, an adapted scheme has
been built which allows for the simulation of complfield-dependent propagation of a sharp
phase boundary including the important contributmhmass diffusion along the interface.
Finally, we believe that our simulations and anedysf the selected high temperature oxidation
cases will contribute to a better understandinthefmechanisms influencing mechanical failure
and of their relations with the metallic alloy psspes and composition. This in turn will help
optimizing material composition and preparationowlhg for the increase of oxide/metal

systems lifetimes.

Future work should primarily focus on the experitaérnassessment of the described
mechanism of stress-induced non-uniform oxide sgadsvth at high temperature. This would
include bringing experimental evidence of the stredluence on roughness or non-uniform

thickness development during isothermal oxidatibnt also obtaining finer and material
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composition-dependent estimates of the key phygicgberties, particularly oxygen diffusivity
and interfacial energy of the metal/oxide bound&wentually the recommendations provided by
our analyses should be tested.

Additional simulations should be performed in ortteinvestigate the influence of coupling
thermal cycling with the stress-affected oxidatimachanism. Moreover, only two generic initial
interface geometries have been studied during wuosk. More complex interface profiles
representative of practical systems should be etiithi order to better assess the global influence
of the stress-affected oxidation mechanism.

Finally, the model could be extended by the intatdun of more complex material models
accounting for: the composition and microstructof¢he metal and the oxide layers, as well as
their evolution during isothermal oxidation; thesdeption of multi-species diffusion and the
nucleation and growth of secondary phases; andllffimaaterial and interface damage

development through crack and voids growth, allgfor refined failure studies.
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