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Abstract 
This work proposes a review of recent results on the formation and dissolution of hydrides in HCP alloys (Ti and Zr alloys) correlated 
to the nature of crystallographic hydride phases and their ORs. The crystallographic coherence observed between the surface hydride 
layer and the substrate is very important for many applications as for biomaterials devices. Five particular orientation relationships 
(OR) were identified between titanium/zirconium hydride precipitates and the -Ti and -Zr substrates. In addition, the nature of 
hydrides have a large implication on the ductility, the strain hardening, and the local plastic strain accommodation in the Ti alloys. 
Our studies using XDR, TEM and SEM-EBSD have been demonstrating that the nature of the hydride phase precipitates depends 
on the hydrogen content. DSC has been used to obtain the hydride dissolution and precipitation energy values at the bulk scale, 
whose difference can be associated to misfit dislocations. Local in-situ TEM dissolution observations show the depinning of part of 
misfit dislocations during dissolution process. Hydride reprecipitation is thus possible only if hydrogen is not driven away during 
heating by misfit dislocations depinning.  

 

Introduction  

Hydrogen diffuses very rapidly into materials with close-package hexagonal (HCP) structure as titanium, zirconium and their alloys. 
As long as Ti- and Zr- accept hydrogen in solid solution, it is randomly distributed to energetically favorable tetrahedral sites 
[1,2]. The equilibrium phase diagrams of Ti- and Zr- show that H solubility is very low at ambient temperature, which leads to 
the spontaneous precipitation of hydride phases TiHx and ZrHy [3]. This phase transformation has a technological importance, 
because it generates a volume expansion (around 15%) which induces high internal stresses [4,5] at the origin of a decreased 
toughness [6]. Hydrogen can favor the refinement of some microstructures of Ti alloys [7], and improve the biocompatibility at the 
surface of biomaterials [8]. However, this can also lead to possible embrittlement shown in several industrial applications [9]. 
Despite of this fact, a direct correlation between damage processes and the nature of hydride need to be improved [10]. 

The dependence of the nature of the precipitate phases on the H content and on the temperature stability will define the 
crystallographic relationships existing between the hydride and the matrix ( phase). We shall discuss these points with reference 
to our experimental work [11]. The importance of misfit dislocations in the accommodation of the elastic distortion between the 
substrates and hydride precipitates is considerable. Their role on the dissolution/reprecipitation process is will be discussed in the 
present review, as well as their influence on the crystallographic relationship with the substrate after many thermal cycles. 

 

I. The precipitation of hydrides in HCP structures 

According to Zhang and Kelly criteria [12], it is observed that the hydride precipitation is a diffusional-displacive transformation 
with a mixed character [13]. It is diffusive because it involves a change of composition controlled by the long-range diffusion of 
hydrogen. In addition, there is no shear displacement, and interfaces have low indexes. The transformation has however also 
displacive character, because the change in the arrangement of Ti atoms occurs in small cells, with no long-range diffusion, by the 
fast motion of steps.  
 
Three different hydride phases can precipitate in hexagonal close-package HCP alloys: γ, δ and ε whose structure and morphology 
depend on the hydrogen content (See Table 1). It has been demonstrated that the metastable γ-TiH phase, which precipitates in H-
poor Ti, shows long and thin lamellae of face-centered tetragonal (FCT) structure with c/a > 1. The stable face-centered cubic (FCC) 
δ-phase of CaF2 structure type develops at intermediate H contents. In the literature another FCT phase is reported (the ε one) for 
which c/a < 1 [14].  
 
Various factors influence the hydride precipitation (composition, texture, work-hardening…). Intermediate/high hydrogen contents 
and slow cooling favor δ-hydride precipitation. However, after fast cooling, the γ-hydride is often observed. The δ-hydride 
precipitation is favored under traction or shear stress, meanwhile γ-hydride formation is observed in absence of stress [15,16]. 
Hydrides tend to precipitate in a plane perpendicular to the tensile direction [17-19]. In addition, the volume expansion generates 
important elastic strains, which play a determinant role in the transformation, and enhances the close interlocking between 
precipitates with different OR [13] (see next paragraph). 

The content of the alloy elements influences the hydride nature (γ or δ) [18]. In particular, Zr alloys with oxygen concentrations 
higher than 1000 wppm favor the precipitation of δ-hydride. The precipitation sequence for hydrides of different natures can be 
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different depending on factors as the total and local hydrogen content and the crystallographic orientation of the matrix. In general, 
the stable δ-hydride is directly formed at the TiHx/Ti interface for favorable crystallographic orientations or through the formation 
of the intermediate, γ-TiH phase [20] during the substrate H-enrichment process. The transformation from γ-TiH to δ-TiHx occurs 
without changes in the orientation relationships with the α-Ti matrix.   

We observe that the decreasing of the hydrogen content in the δ-phase associated to the hydrogen diffusion can lead to the inverse 
transformation: δ – γ [21]. This result was confirmed for global and local approaches in recent works on Zr alloys, where the 
formation of -ZrH at the interface of -ZrH1.66 with the -Zr substrate was also observed [11]. This will be examined in details in 
the next paragraph and illustrated in Fig. 3. The γ-phase forms from the α-phase via a shearing of the hexagonal lattice 
simultaneously to hydrogen atom diffusion [14]. The δ – γ transformation seems to follow a similar mechanism [21]. The formation 
of the δ-phase from the α-phase follows a transformation of a quasi-martensitic type [22].  

 

II. Crystallographic orientation relationship (OR) between hydride precipitates and HCP substrate 
The crystallographic coherence between the hexagonal substrate and the hydride precipitates is high with a large elastic distortion 
partially accommodate by misfit dislocations. The crystallographic coherence between surface layer and the substrate is very 
important for biomaterials of Ti and Ti alloys because it guarantees no delamination, and the expected lifetime in the human body 
with good mechanical performances [8,23]. In addition, the nature of the hydride has a large implication on the ductility, the strain 
hardening, and the local plastic strain accommodation in the titanium and zirconium alloys [4,6]. In fact, our early studies by TEM 
in Ti and Ti alloys for biomaterials applications by TEM showed a strong orientation relationship between the -Ti and the grains 
of the hydride layer grown at the surface of the substrate after a chemical etching [8,23-25], aiming to increase osteointegration  
(Fig. 1).  

 

Fig. 1: A) Hydride layer at the Ti surface treated by SLA process: three families of columnar -FCC TiH2- precipitates showing an 
epitaxial relationship with the substrate. Deep in the bulk: B) -FCT TiH precipitates in OR1 with the Ti substrate; C) -FCC TiH2-e 

precipitates with -FCT TiH at the interface with the Ti substrate. Both hydride phases are simultaneously in OR1 with the Ti substrate.  
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Beyond the orientation relationship between the substrate and the three families of parallel columnar grains, these latter had common 
(220) crystallographic directions between them, as shown in Fig. 1A. Deeper in the bulk of the same sample (Fig. 1B) separated, 
parallel -TiH lamellae were found in OR1 (see definition of OR in the next paragraph) with the Ti substrate. In Fig. 1C, a -TiH 
precipitate was found at the -TiH2- / Ti interface, both hydride phases being simultaneously in the same OR1 with the Ti substrate 
[20].  

 
TEM Bright-Field (BF) images and Selected Area Electron Diffraction (SAED) patterns allowed the identification of five particular 
epitaxial orientation relationships (OR) [13,20, 26-29] between the HCP matrix and FCT and FCC hydrides. They were stablished 
following some rules [20] based on the  
 
Edge-to-edge matching model [30]. The parallel planes, the parallel zone axes between the two phases for each OR as well as those 
at the interface are: 
 
OR1 : (0001) // (001), [12̅10] // [110], interface plane (101̅0) // (22̅0) 
OR2 : (0001) // (11̅1) (angle of 4°),  [12̅10] // [110], interface plane (101̅3) // (22̅0) 
OR3 : (101̅0)// (1̅11), [12̅10] //[110], interface plane (0001) // (22̅4) 
OR4 : (1̅011) //(001), [12̅10] // [110], interface plane (101̅1) // (1̅11) 
OR5 : (0002) // (2̅02̅), [21̅1̅0] // [1̅1̅0], interface plane (0002) // (220) 
 
The mechanisms of precipitation and dissolution of hydrides in HCP substrates and their crystallographic orientation relationship 
were studied through Zr substrates used in the nuclear industry. The same ORs first observed in Ti alloys were also observed between 
Zr hydrides and Zr substrates. EBSD analysis, which is a meso-scale technique, confirms that several hydrides can be found in the 
same ORs with the substrate over areas of tens square microns [16, 31]. By using EBSD as a single analysis technique [31], authors 
affirm that the only hydride phase found in a sample containing 147 wppm in H is the δ one. This H-content falls in the range 
between that where γ-FCT forms (  100 wppm) and that where only δ-FCC is found (  300 wppm). However, some uncertainty 
can occur by using EBSD to distinguish γ-FCT and δ-FCC hydrides because the phase identification is based on the angles of the 
unitary cell. In such case, the phase identification has to be performed by electron diffraction in a TEM. 

The crystallographic parameters of the hydride phases as well as the ORs they form with α-Ti and α-Zr are listed in Table 1.  
Investigations on the existence of other ORs between hydrides and HCP substrates are in progress. Recently OR1 [16], OR3 and 
OR5 [11] were observed in δ-hydrides/α-Zr. OR2 was recently identified in δ-hydrides/α-Ti system for the T40 alloy [32]. 

 
 

Table 1:  Characteristics of the various hydride phases in -Ti and α-Zr [3, 17, 20, 33-44] 

Hydride Metal Composition Crystallographic 
Parameters (nm) 

Orientation 
relationship 

Volume 
dilatation 

 
 

(FCT) 

-Ti 
 

TiH a = 0.420 
c = 0.470 

OR1 
OR2 

12.5 to 14% 

α-Zr 
 

ZrH a = 0.462 
c = 0.489 

OR1 
OR2 

12.3 to 15.7% 

 
 

(FCC) 

-Ti 
 

TiHx 
1.5<x<1.99 

 
a=0.440 

 

OR1, OR2* 
OR3, OR4 

21 à 29% 
 

α-Zr 
 

ZrHx 
1.5<x<1.9 

a=0.478 
 

OR2,OR1*, 
OR3*,OR5* 

16.3 to 17.2% 
 

 
 

(FCT) 

-Ti 
 

TiHx 
1.8<x ≤ 2 

a= 0.447 
c=0.440 

OR1 
OR3 

3 to 14.1% 
 

α-Zr 
 

ZrHx 
1.71 <x ≤ 2 

a=0.495 
c=0.446 

  

*Recent results reported in [11, 16, 32] 

 
Dislocations are necessary to accommodate the misfit between FCT and FCC hydrides and the hexagonal matrix [37]. Carpenter et 
al. proposes that the large shear strains associated to the precipitation mechanism may play an important role in the preferential 
orientation of hydrides under stress [38]. More recently other authors have quantified the density of dislocations in Zr hydride, 
which seems to be higher than those in the Zr matrix [45,46]. If it stays unclear that defects are produced in the hydrides during their 
growth, it is well known now that hydrides are ductile phases [10]. The impact of hydrides formation on the storage energy need 
further investigations. 

The importance of the role played by misfit dislocations in the dissolution-reprecipitation processes was highlighted by 
thermodynamic investigations on a global approach (over a large density of hydrides) after a large number of thermal cycles by 
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DSC (Differential Scanning Calorimetry) [11]. Results showed that both dissolution and reprecipitation temperatures increase with 
the number of cycles, and the dissolution temperature is higher than that of precipitation independently of the hydrogen content in 
the range investigated. This difference in temperature and its evolution can be discussed in terms of energy. For the first thermal 
cycle, dissolution and precipitation enthalpy values are 48 kJ/mol and 20 kJ/mol respectively [11]. These values are of the same 
order of those measured by other authors in different Zr alloys [47-50]. Additionally, the evolution of the dissolution and 
reprecipitation temperatures with the number of cycles suggests that both energy decreases [11]. Mathematically, the difference 
between both enthalpies is only dependent on the stored elastic and plastic energies. The experimental difference observed was thus 
attributed to misfit dislocations. Their role in the hydride reprecipitation after dissolution was confirmed by TEM in-situ 
measurements. Misfit dislocations were observed at the γ-ZrH/Zr interface at 300 K before heating (Fig. 2a). The depinning of a 
misfit dislocation is observed at 700 K when the precipitate dissolution is completed (Fig. 2b). Leaving the precipitation region, 
misfit dislocations are probably driving away part of the H atoms, which are no more available to re-precipitate [51]. The local 
decrease in concentration of H atoms available to precipitate can explain the difference in energy between dissolution and 
precipitation after a thermal cycling for a global approach. 

 

Fig. 2: A -hydride precipitate: (a) before and (b) after TEM in-situ dissolution, which shows a misfit dislocation depinning. 

 

The accumulated effect of multiple misfit dislocations depinning after a large number of cycles (in a global approach, over the whole 
sample) can lead to the precipitation of hydrogen-poor hydride phases. In fact, the simultaneous presence of the initial hydrogen-
rich phase (the FCC δ-hydride) and a hydrogen-poor phase (the γ-FCT) was observed at the hydride-substrate interface after cycling, 
as shown in Fig. 3. The reprecipitation of the δ-hydride after 20 thermal cycles is still highly coherent with respect to the substrate 
(orientation close to an OR3 in this case) and the (220) planes of the γ-FCT phase are parallel to those of the -FCC [57].  

 

Fig. 3: a, b, c, d) TEM images and SAED patterns showing a -hydride in a Zircaloy-4 sample with 356 wppm in H before 20 thermal 
cycles by DSC; e, f, g) Simultaneous presence of  - and  -hydrides after cycling.  
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Fig. 4: Two thermal cycles between 300 and 680 K by TEM in-situ (images extracted from a video). After the first thermal cycle, the γ-
hydride precipitate, initially in OR1, reprecipitates with a slight misorientation. At the end of the second cycle, part of H atoms migrates 

towards a neighbor grain boundary. The hydride reprecipitation there is no more in an OR. 

5

MATEC Web of Conferences 321, 11042 (2020)	 https://doi.org/10.1051/matecconf/202032111042
The 14th World Conference on Titanium



 
 
These results are confirmed in a local approach by TEM in-situ in Figure 4, which shows two γ-hydrides initially in OR1 with the 
Zr substrate in a sample containing 112 wppm in H. It was submitted to two thermal cycles between 300 and 680 K. During the first 
cycle the dissolution is partial (the diffusion of H atoms around the regions where the precipitate is dissolved is characterized by a 
"dark cloud" in Fig.4, and is indicated by white arrows). After cooling, the γ-hydride reprecipitates close to the initial OR1, but 
slightly misoriented. During the second cycle, the hydride dissolution is almost complete. The main part of H atoms migrates towards 
a grain boundary in the neighborhood, as indicated in the figure by white arrows. The hydride reprecipitation at the grain boundary 
is not crystallographically oriented, as shown in the corresponding SAED pattern. Similar results were obtained for δ-ZrH1.66 
precipitates in Zr samples containing 356 wppm in H. To resume, our results support the fact that misfit dislocations are fundamental 
in precipitation and dissolution processes. Their depinning is responsible of the decrease of the energies associated with both 
processes in relation with a progressive transformation of a γ-hydride (large dilatation volume) to a γ-hydride (lower dilatation 
volume). 
 

Conclusions:  
In a present short review of our recent results on the formation and dissolution of hydrides in HCP alloys (Ti and Zr alloys) we 
report new understanding of the nature of crystallographic hydride phases and their ORs. The hydride dissolution and precipitation 
energies can be associated to misfit dislocations. The depinning of part of misfit dislocations during dissolution process can modify 
these energies and consequently, promote a phase transformation and an irreversible process. The impact of both effects on 
mechanical properties need furthers investigations. 
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