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ABSTRACT

The emergence of high energy density welding, laser surface modification and
rapid solidification as commonly used metallurgical processing techniques has greatly
increased the range of cooling rates that can be accessed during the solidification of
metals and alloys. The microstructures whick develop during these rapid cooling
conditions may be significantly different from those which develop during low
cooling rate conditions as the result of access to new metastable phases with the
additional kinetic limitations that accompany rapid solidification.

This investigation explores the influence of cooling rate on a series of seven
ternary alloys which span the line of two-fold saturation in the Fe-Ni-Cr system.
High speed electron beam surface melting was used to resolidify these alloys at scan
speeds up to 5 m/s. The resulting cooling rates were estimated from dendrite arm
spacing measurements and were confirmed by heat flow modeling to vary from 7x100
°C/s to 8x106 oC/s. The microstructures that developed from each solidification
condition were examined using optical metallography, electron microprobe analysis,
scanning electron microscopy and a vibrating sample magnetometer. These results
were used to create diagrams to predict the primary mcde of solidification, the ferrite
content and the complex microstructural morphologies which develop as a function of
interface velocity and composition.

Changes in the primary mode of solidification with increasing cooling rate
were observed in alloys that lie close to the line of two-fold saturation. The
thermodynamics and kinetics of solidification were used to explain these changes by
showing how epitaxially grown metastable phases can dominate solidification at high
cooling rates, without the necessity of postulating the nucleation of metastable phases
within the melt. The influence of cooling rate on interface stability and
solidification segregation was evaluated by calculating the solutal diffusional
characteristics at the tip of columnar dendrites growing under steady state
conditions. These calculations were used to predict the dendrite tip undercooling for
e.ch solidification condition and the results were used to evaluate the influence of
cooling rate on the amount of second phase formation, the ferrite content, and the
absence of second phases at high cooling rates.

The solid state transformation of ferrite during the cooling of the resolidified
Fe-Ni-Cr alloys was shown to be analogous to the decomposition of austenite in Fe-C
alloys. Parallels were drawn between these twe systems which allowed a wealth of
analysis performed on the Fe-C system to be applied to the Fe-Ni-Cr system. The
influence of cooling rate on the nucleation and growth kinetics of austenite was then
used to explain the conditions which are responsible for the formation of grain
boundary allotriomorphs, Widmanstatten platelets, Widmanstatten needles and massive
austenite grains in the resolidified electron beam melts.

Thesis Supervisor : Dr. Thomas W. Eagar, Professor of Materials Engineering

Thesis Co-Supervisor : Dr. Samuel M. Allen , Assoc. Professor of Physical Metallurgy
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CHAPTER 1

Introduction And Background

The integrity of stainless steel castings and welds is known to depend on the
presence of delta ferrite in the microstructure. Traditional studies [1.1-1.12] have
shown that ferrite contents on the order of 5 volume % will reduce susceptibility to
solidification cracking, improve hot workability, and lower the amount of
non-metallic inclusions in the alloy. Masumoto [1.3] has shown that these effects
predominate when ferrite is the first solid to form from the liquid, and Brooks [1.12]
has summarized the reasons for this behavior. Two beneficial properties of ferrite in
stainless steels are the higher solubility of sulfur and phosphorus in ferrite than in
austenite, and the irregular, crack-resistant, grain boundaries that form during
multi-phase solidification. Therefore, primary ferrite . solidification reduces the
amount of low melting-point liquids, by dispersing S and P, and increases the crack

propagation resistance of the microstructure.

Despite such desirable properties, ferrite is not always beneficial to the
microstructure of stainless steel alloys. For example, in austenitic stainless steels,
during prolonged exposure to high temperatures, ferrite can transform to sigma phase
which is brittle [1.13]. The severity of the embrittlement depends on the degree of
transformation and the amount of ferrite in the microstructure. For this reason
alone, ferrite contents are often minimized, but there are even further disadvantages.
Ferrite can reduce the corrosion resistance, [1.14,1.15] and it can reduce the

low-temperature fracture toughness of austenitic stainless steels [1.16-1.18].

The beneficial efffects of ferrite in sc;mc applications and the deleterious effects
in others requires a good understanding of the conditions which lead to the formation
of ferrite in the microstructure. Numerous investigations of the relationship between
chemical composition and ferrite content have been made and are summarized by
Olson [1.19]. These studies have led to the development of methods and diagrams to
predict ferrite content [1.20-1.24], ferrite morphology [1.25,1.26], and the primary
solidification mode [1.27,1.28]. However, these results are only valid for conventional

castings and welds which solidify at low cooling rates.
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Advances in rapid solidification processing and the use of high energy density
welding for an increasing number of applications have emphasized the importance of
cooling rate in the evolution of stainless steel microstructures. Recent investigations
have concluded that the amount of ferrite and the primary mode of solidification can
be significantly altered in pulsed laser beam welds, in electron beam welds, and in
atomized droplets. These microstructural modifications cannot be predicted using the
conventional methods and there have only been a few studies of the microstructure of
stainless steels solidified at high cooling rates. This chapter begins with a review of
the literature concerning the constitution of Fe-Ni-Cr alloys for low cooling rate and
high cooling rate processes which revealed many areas that required further

investigation and helped to direct the research efforts presented in this thesis.

1.1 Previous Investigations

1.1.1 Constitution and Microstructure of Stainless Steel Alloys

Austenitic stainless steels of the AISI 300 series designation have two primary
constituent phases: austenite and ferrite. A third phase, martensite, can be induced to
form in these alloys by low temperature mechanical deformation. However, the
martensitic transformation will not be studied here, since this investigation is only
concerned with the phases which devélop during solidification. The austenite phase
has a face-centered cubic structure and is paramagnetic. Austenite can form during
solidification, or during the solid-state transformation of ferrite. Nickel, manganese,
carbon, and nitrogen promotec the formation of austenite during solidification, and
the majority of the AISI 300 series stainless steels contain austenite in excess of 80

vol%.

The ferritic phase, delta ferrite, has a body-centered cubic structure and is
ferromagnetic. Ferrite forms only during solidification and transforms to austenitec at
lower temperatures. Frequently the transformation is incomplete, leaving residual
ferrite in the microstructure. This residual ferrite can be present in several different
morphologies, depending on the chromium-to-nickel ratio of the alloy

[1.25,1.26,1.29-1.31]. Chromium, silicon, molybdenum, and niobium promote the
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formation of ferrite during solidification and provide it with stability at lower
temperaturcs. The residual ferrite present in the microstructure is therefore a result

of the ferrite which solidifies minus the amount that transforms as the alloy cools.

The single most important factor in the development of the microstructure of a
given stainless steel alloy is the primary mode of solidification (PMS). The PMS can
either be austerite or ferrite and is primarily a function of composition. The PMS
defines the primary phase to solidify from the melt and it also defines the
solidification morphology which determines the conditions for the subsequent solid
state transformation. Chromium rich alloys tend to solidify as primary ferrite while
nickel rich alloys tend to solidify as primary austenite. The compositional range for

each mode can be predicted by the line of two-fold saturation in the Fe-Ni-Cr system.

Figure 1.1 shows that the line of two-fold saturation extends from the Fe-Ni
peritectic at 4.7% Ni to the Cr-Ni eutectic at 49% Ni and has a melting point
minimum at 49% Cr, 43% Ni [1.32]. Solidification of compositions that lie on the line
of two-fold saturation occurs by a peritectic mechanism at high iron contents and by
an eutectic mechanism at low iron contents. The ternary composition wheve the
peritectic behavior changes to eutectic behavior has been reported by Schurmann
[1.33] to be 9% Ni, 16% Cr, and 75% Fe. This transition from eutectic to peritectic
behavior lies close to the composition of many of the 18-8 stainless steel alloys.
Thermodynamic calculations of the Fe-Ni-Cr system have been performed (sec
Appendix C) to determine the location of the tie lines in the two-phase fields. Figure
1.2 shows an isothermal section at 1400°C and indicates that the segregation ratios for
Ni and Cr in Fe vary considerably in the ferrite-liquid, austenite-liquid and
ferrite-austenite phase fields. These results will be discussed in detail in the chapters

to come.

Vertical sections through the Fe-Ni-Cr ternary system can be determined by
experimental measurements or by thermodynamic calculations. These diagrams are
useful in describing the solidification and solid state transformation behavior of
stainless steels. The experimentally determined liquidus, solidus, and isothermal
sections reported by Rivlin and Raynor [1.32] were used to construct a vertical section
through the Fe-Ni-Cr system at a constant iron content of 60%. Figure 1.3 shows this

constant iron diagram which has been reported by many investigators to represent the
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solidification behavior of stainless steels. By comparing the tie-lines presented in Fig.
1.2 with a constant Fe isoplcth, one sces that although the vertical section prescented
in Fig. 1.3 has an appearance similar to a binary phase diagram, the tie-lines in the
two-phase [ields do not necessarily lie in the plane of the vertical section. This is
particularly true for ‘the the liquid-solid fields that determine the solidification
segregation ratios. A more accurate represcntation of the solidification behavior can
be determined by taking the vertical sections along a path that contains the tie-lines
of interest. Chapter 7 presents the results of thermodynamic calculations which were
used to determine the pseudobinary diagrams for primary ferrite and primary
austenite solidification. These modificd vertical sections are useful in determining

the solidification parameters and the segregation of solute during solidification.

1420%
\A/ ] ‘
Fe €0 70 80 90 Ni

1513°10 20 30 40 50
P, I513 NICKEL (W1 %)

Figure 1.1 Liquidus projection showing the Fe-Ni peritectic, Cr-Ni eutc?tic
and melting point minimum along the line of two-fold saturation,
after Rivilin et al, [1.32].
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Figure 1.2 Thermodynamically calculated isothermal section at 1400°C. Tie
lines are indicated in the two-phase fields.
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The line of two-fold saturation crosses the 60% Fe plane at 2 composition of 25.5%
Cr and 14.5% Ni, which is a Cr/Ni ratio of 1.76. The maximum separation between
the liquidus and solidus lines is about 50°C, and the slope of the liquidus is steeper
for primary ferrite solidification than for the solidification of primary austenite.
Under equilibrium conditions, five modes of solidification are possible depending on

the composition of the alloy with respect to the line of two-fold saturation:

F: Single-phase ferritic solidification. Ferrite solidifies as the primary and
only solid phase. Austenite may nucleate and grow from grain boundaries

or interdendritic boundaries at subsolidus temperatures.

FA :  Ferritic-austenitic solidification. Ferrite solidifies as the primary phase
in a dendritic or cellular mode with second phase austenite forming at the
cell walls. The second-phase austenite provides grbwth sites for the

subsolidus austenite to ferrite transformation.

E: Eutectic solidification. Ferrite and austenite both solidify from the
eutectic liquid as conjugate solid phases This reaction generally takes
place after some primary solid phase has formed. The spacing of the
eutectic microstructure is smaller than the primary phase spacing which
makes the eutectic ferrite particularly susceptible to the solid state

transformation.

AF : Austenitic-ferritic solidification. Austenite solidifies as the primary
phase in a dendritic or cellular mode with second-phase ferrite forming at
the cell walls. The second-phase ferrite partially transforms to austenite

at subsolidus temperatures.

A Single-phase austenite solidification. Austenite solidifies in a dendritic or
celiular mode as the primary and only solid phase, segregation occurs to

the cell walls but no ferrite is present in the microstructure.

Under the nonequilibirum conditions which occur during solidification, the same

modes of solidification exist but some compositions may change mode with cooling



26

rate. Deviations from the equilibrium behavior become more pronounced as the
cooling rate is increased and the cooling rate will be shown to have a significant

effect on the solidification mode.

The amount of ferrite which solidifies from the melt is higher than the amount
which is present at room temperature »bccausc ferrite transforms to austenite as the
melt cools. Fig. 1.3 shows that the ferrite and austcnite two-phase field shifts towards
higher chromium contents at lower temperatures which reduces the stability of ferrite
as the temperature decreases. The amount of ferrite which transforms depends on the
composition and the cooling rate. Since isothermal sections through the Fe-Ni-Cr
system are not available at room temperature and since welds cool under
non-equilibrium conditions, other means have been developed i'or predicting the

amount of ferrite in stainless steels.

Figure 1.4 shows the Schaeffler diagram which was published in 1949 [1.20,1.21]
to predict the microstructure of conventional arc welds. This diagram is used to
predict the amount of ferrite in stainless steel welds based on their nominal
composition but does not incorporate cooling-rate effects. The chromium and nickel
equivalents were developed by Schaeffler to account for the ferrite or austenite
stabilizing effects of the alloying elements that are present in commercial stainless
steels. These equivalents were revised in 1956 by DeLong [1.22] to incorporate the

austenitizing effects of nitrogen, and are defined as follows:
Ni equivalent = %Ni + 30 (%C + %N) + 0.5%Mn (1.0

Cr equivalent = %Cr + %Mo + 1.5 %Si + 0.5%Nb (1.2)

Modifications of the multiplication coefficients and the inclusion of other elements
into the chromium and nickel-equivalent equations have been suggested by other
authors [1.27,1.34-1.36], however, the DeLong equivalents are still the most frequently

used equations.

Comparing the primary mode of solidification predicted by the phase diagram
with the residual ferrite content predicted by the Schaeffler diagram is useful and

can be done by superimposing the Fe-Ni-Cr line of two-fold saturation on the
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Schaeffler diagram. This line separates primary ferrite solidification from primary
austenite solidification for equilibrium concitions. Figure i.4 shows that it varies
around the 10% ferrite line, depending on the iron content of the alloy. Suutala
[1.27,1.28] has proposed that the primary solidification phase can be predicted in
weids by a Cr/Ni ratio of about 1.5; alloys with a higher Cr/Ni ratio than 1.5 will
solidify as primary ferrite, while those lower than 1.5 will solidify as primary
austenite. Suutala’s Cr/Ni = 1.5 line is also shown on Fig. 1.4 and indicates that it is

close to the line of two-fold saturation.

40

30

20 Cr/Ni =

Nickel equivalent
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‘-\[”"
oL\

Chromium equivalent

Figure 1.4 The Fe-Ni-Cr line of two-fold saturation and Cr/Ni ratio ol’ 1.5
superimposed on the Schaeffler diagram.
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Therefore, the primary mode of solidification and the amount of residual ferrite
in stainless steel alloys can be predicted reasonably well at low cooling rates.
Hewever, at high cooling rates the empirically derived diagrams can not be used to
predict ferrite contents, ferrite morphology or even the primary mode of
solidification. The relatively recent emergence of rapid soilidification processing and
high energy density welding requires that a better understanding of the influence of
cooling rate be developed in order to predict the effects of these processes on the

microstructure of stainless steels.

1.1.2 The Effect of Rapid Solidification on the Microstructure

The influence of cooling rate on the microstructure of stainless steel alloys has
been observed at low, medium and high cooling rates. However, the most dramatic
effects occur at the high cooling rates produced by rapid solidification processing and
high-energy density welding. The inherent variations in the cooling rate for different
solidification processes are summarized in Taltie 1.1 and are shown to cover about 9

orders of magnitude.

Table 1.1: Estimated cooling-rate ranges for various

solidification processing techniques.

Process Cooling Rate
(K/s)

Directional solidification 10-1 - 101
Casting . 100 - 102
Arc welding - 101 - 103
Electron beam welding 102 - 104
Laser beam welding . 102 - 106
Rapid solidification processing © 108 - 107
EB or LB surface modification 105 - 107
Single laser pulse 107 - 108
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At the lowest cooling rates (10-1 to 101°C/s) which occur in directional
solidification or in large ingots, only small changes in the microstructure .occur with
variations in the cooling rate. Percira [1.37] has shown that cooling-rate variations
over the range of 2-40°C/s will produce changes in the ferrite content: with increasing
cooling rate, primary ferrite-solidified compositions will increase in ferrite content
from 13 to 16%, while primary austenite-solidified compositions will decrease from
1.5 to 1.0%. Fredrikkson [1.38] has also investigated the role of cooling rate on
solidification mode and concludes that a cooling rate incrcase in the range of 10° to

103°C/s favors the primary formation of ferrite.

Moderate cooling rates (10! to 103°C/s), which are produced in arc welds, show
only small changes in the microstructure as the cooling rate is increased. Suutala
[1.28,1.39] has observed a gradual decrease in ferrite content as the weld travel speed
is increased, and concludes that an increase in travel speed (which increases the
cooling rate), favors the primary formation of austenite for dendritic solidification.
DeLong [1.4] Las also recognized the ability of the cooling rate to modify the
microstructure of stainless steel welds and castings. He states that heat input has an

effect on the ferrite number, but that this effect is only a minor consideration.

The high cooling rates which can occur in electron beam and laser beam welds
significantly alter the microstructure. Vitek and David [1.40-1.42) have reported the
changes in ferrite content associated with high cooling rates in a comparison of
arc-welded and laser beam welded AISI 308 stainless steel. They reported a decrease
in ferrite content from 10% to less than 1%, with a change from GTAW (low cooling
rate) to LBW (high cooling rate) welding processes respectively. They believe that this
behavior occurs because of a change in primary solidification mode from ferrite to

austenite.

Katayama and Matsunawa [1.43] have also investigated the high cooling rate (105
to 106°C/s) behavior of laser beam welded microstructures for about thirty different
commercial AISI 300 series and high purity stainless steels. They conclude that the
Schaeffler diagram requires modifications at high cooling rates, and they recommend
a compression of the austenite-ferrite two-phase field as shown in Fig. 1.5. For high
cooling rates their observations indicate that the ferrite content of low-ferrite welds

is reduced while the ferrite content of high-ferrite welds is increased. Katayama and
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Matsunawa attribute these two distinct behaviors to a change in primary
solidification mode (from primary ferrite to primary austenite) in low ferrite content
welds, and to a suppression of the solid-state transformation of ferrite in high ferrite

content welds.

Changes in the solidification mode have also been observed at high cooling rates
which can be induced in electron beam welds. Lippold [1.44]) has examined the
solidification conditions for a deep-penetration electron beam weld in 304L stainless
steel and has shown that for certain conditions a change in the primary solidification
mode occurs. Lippoid concludes that welds which normally solidify as primary
ferrite can solidify as primary austenite in the deep penetrating portion of the weld
pool which has the highest cooling rate. These results support the observations of

refs. 1.40-1.43 for laser beam welded stainless steel.

40 T r l T L I I I diL

Nickel equivalent

Chromium equivalent

Figure 1.5 Shifting of the 0% and 100% ferrite boundaries of the Schaeffler
diagram at high cooling rates. Pulsed laser welds at 105°C, after
Katayama et al, [1.43].
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Changes in the primary solidification mode have been observed for rapidly
solidified stainless steels. Kelly [1.45] has investigated microstructural and composi-
tional variations that occur in atomized droplets of AISI 303 stainless steel, droplets
which normally solidify with the formation of primary austenite. Such droplets
achieve cooling rates on the order of 105¢C/s. Kelly’s results show that, since the
smallest droplets receive the largest thermal undercooling, ferrite preferentially
nucleates in favor of austenite. He provides thermodynamic data and a kinetic
model, which confirm the change in solidification mode for highly undercooled
droplets. This work shows a preference for primary ferrite at high cooling rates
while references 1.40-1.44 show a preference for primary austenite at high cooling
rates. The apparent inconsistency is due to the difference in the nucleation behavior
between homogencously nucleated atomized droplets and heterogeneously nucleated

welds.

In summary, the cooling rate plays a significant role in the evolution of stainless
steel microstructure. Its influence can not be generalized and one must consider both
the chemical compesition and the solidification conditions of a given alloy. These
two factors combine together in a complex way to influence 1) the primary.
solidification mode, 2) the amount of solidification segregation and 3) the nucleation
and growth behavior of the ferrite to austenite solid-state transformation. These
effects alter the ferrite content and ferrite morphology. However, a systematic
investiga‘‘on of the relative importance of these three effects in determining the

microstructure has not been performed.

1.2 Present Investigation

1.2.1 Objectives

The purpose of this investigation was to study the microstructures which develop
in Fe-Ni-Cr ternary alloys under rapid solidification conditions, with several
objectives in mind. Firstly, the results of this study were to provide a basic
undeistanding of the complex solidification and transformation behavior which

occurs during the rapid resolidification of stainless steel alloys. Explaining this
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behavior required solidification experiments to be performed on Fe-Ni-Cr ternary
allovs and confirmation with rapid solidification theory. This type of analysis was
used to predict the influence of cooling rate on the microstructﬁrc of stainless steel
alloys and the vasic concepts developed here can also be applied to other alloy systems

that involve solidification and subsequent solid state transformation events.

Secondly, the experimental results will be used to create diagrams that can be
used to predict the primary mode of solidification, the ferrite content and the ferrite
morphology of stainiess steels solidified over a large range of cooling rates. These
diagrams can also be used to decouple the separate contributions of solidification
mode, solidification segregation and the sclid state transformation of ferrite on the
resulting microstructure. These diagrams have practical significance in that they can
predict the microstructures of stainless stecl alloys which have been cast, welded or

rapidly solidified at different cooling rates.

Thirdly, recent investigations [1.42,1.43] of high energy density welds and rapidly
solidified melts have shown large differcnces between the microstructures which
develop at high cooling rates and those which develop at low cooling rates. However,
the theories that have been postulated to describe these differences have not yet been
substantiated by a thorough scientific study. In particular, one author [1.40,1.42]
believes that a change in the primary mode of solidification occurs by nucleation of
metastable austenite in pulsed laser welds. A similar change in solidification mode is
observed in electron beam surface melts, however, in the electron beam melts the
amount of undercooling was shown to be 30°C or less. This undercooling is not large
enough to explain the nucleation of metastable phases from within the melt and it
was shown that the change in solidification mode can be explained by the
preferential growth kinetics of the austcnite phase at the melt periphery. Therefore,
another objective of this study was to emphasize the importance of growth kinetics in
rapidly solidified surface melts and to illustrate that the PMS may change at high
cooling rates without necessity of postulating nucleation of metastable phases from

the melt.
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1.2.2 Approach

A series of Fe-Ni-Cr tenary alloys was made with systematic variations in
composition. Seven alloys were cast from high purity elements, all having 0.59 % Fe
but with different Cr/Ni ratios that ranged from 1.2 to 2.2. This variation in Cr/Ni
ratio is representative of the general behavior of a wide range of stainless steel alloys.
High purity alloys were selected in favor of commercial stainless steels so that the
composition could be controlled in order to ecliminate the effects of interstitial and

other alloying element segregation.

Variations in the cooling rate were produced by an electron beam surface melting
technique. The power level of the electron beam was heid constant for all of the
melts but the travel speed was varied from 6 mm/s to 5000 mm/s. This resulted in
different cooling rates in the surface melted regions that varied from 4.7x102 oC/s for
the slowest travel speed to 7.5x108 oC/s for the highest travel speed. All of the melts
were compared to the arc-cast buttons which cooled at a rate of 7 oC/s. Electron
beam surface melting was selected because the power input to the substrate can easily
be characterized and because it can produce controlled speed surface melts at high
velocities. A more detailed description of the materials, solidification experiments

and other experimental procedures is presented in Chapter 2.

Chapter 3 describes a ferrite measurement technique that can be used to measure
the ferrite content of rapidly solidified stainless steel alloys. This method is new and
was developed as part of this investigation because the ferrite content of the rapidly
cooled specimens could not be measured by conventional techniques. This mecthod
utilizes a Vibrating Sample Magnetometer to measure the saturation magnetization of
an unknown specimen and by knowing the saturation magnetization of ferrite, the
volume percent ferrite can be calculated.’ Since the ferrite content is related to the
saturation magnetization of the specimen, this technique does not depend on the size,
geometry or orientation of the specimen and can easily measure the ferrite content in
the small volumes of material that arc produced in rapid solidification processes.
However, since the saturation magnetization of ferrite depends on the ferrite
composition, a separate studv was required to determine the composition of residual

ferrite from the nominal alloy composition and to develop an empirical equation to
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calculate the saturation magnetization of ferrite from its composition. The results of
this study allow the Vibrating Sample Magnetometer to be calibrated so that the

ferrite content of a wide range of stainless steel alloys can be measured.

Chapter 4 summarizes the methods used to estimate the cooling rate in the
electron bcam melts. Since the electron beam melts were small and were moving at
high rates of speed, the temperature and cooling rates in these melts could not be
measurcd by conventional techniques. Therefore, the cooling rates were estimated by
1) dendrite arm spacing measurcments, 2) an analytic solution to the heat flow
equation which was used to estimate the highest cooling rate in the surface melts and
3) a finite element model which was used to calculate thermal gradients and cooling
rates at the liquid/solid interface for a few selected conditions. The three techniques
agreed well with each other and showed that the cooling rates varied over 5 orders of
magnitude. From the cooling rate measurements and the interface velocity, the
average temperature gradient was also calculated in each melt. These temperature
gradient calculations were confirmed using the FEM program and the results were
used in later chapters to calculate interface stability and solute redistribution in the

electron beam melts.

Chapter 5 summarizes the effects of cooling rate on the primary mode of
solidification and the residual ferrite morphology for each of the seven alloys. The
results of this chapter are based on the optical metallographic examination of the
electron beam melts and are summarized in two diagrams. One diagram presents the
primary mode of solidification as a function of cooling rate and composition while
the second diagram presents the microstructural features which form from each mode
of solidification. The first diagram describes the solidification behavior of stainiess
steel alloys while the second diagram describes the solid state transformation behavior
as the melt cools to room temperature. From these diagrams, the mode of
solidification and the ferrite morphology can be determined for a wide range of
stainless steel alloys and for a wide range of solidification conditions. In addition to
the predictive diagrams, the surface melts were studied to determine the method by
which the primary solidification mode develops. These observations show that ferrite
and austenite both grow epitaxially from the melt periphery. Microstructural

examination of the high speed melts also showed that changes in solidification mode
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which occur with increasing cooling rate are a result of the favorable growth kinetics
of metastable austenite rather than the nucleation of metastable austenite from within

the melt pool.

Chapter 6 investigates the influence of cooling rate on the ferritc content of the
stainless steel alloys. The results of this chapter show that the ferrite content changes
significantly with cooling rate and that the amount of residual ferrite in the
microstructure depends on the primary mode of solidification, the Cr/Ni ratio of the
alloy and the cooling rate. These observations confirm the earlier results [1.42-1.44]
on laser beam and electron beam welded stainless steels at high cooling ra‘es. In
addition, these results show tha‘t the ferrite content decreases (or increases) in a
continuous manner with cooling rate by studying intermediate cooling rates which

had not been previously investigated.

Chapter 7 models solute redistribution and the amount of ferrite that forms
during solidification as a function of interface velocity in the electron beam surface
melts. This chapter is of central importance to this investigation in that it explains
the results of the previous chapters, which are largely empirical in natﬁrc. based on a
quantitative model of the solidification behavior. As part of this study, the
solidification paths for each alloy were determined in the Fe-Ni-Cr system. These
paths, along with thermodynamically calculated phase diagram information, were
used to create pseudobinary diagrams to represent the solidification behavior for each
of the alloys. From these diagrams, the solidification parameters were determined
and were used in the interface stability and solute redistribution calculations.
Dendrite tip calculations were performed for constrained columnar growth behavior
for each alloy and for each solidification condition. These calculations were used to
make predictions of the cellular to dendritic transition and were used to calculate the
undercooling at the dendrite tip. A solute redistribution model that incorporates tip
undercooling was then employed to calculate the amount of primary and secondary
phases that solidify from the melt as a function of cooling rate and these results were
used to explain the high cooling raté behavior observed in the actual electron beam

melts.



36

Chapter 8 investigates the solid-state transformation of ferrite that occurs as the
melt cools to room temperature. Several transformation mechanisms were observed in
the alloys depending on the primary mode of solidification and cooling rate. For
alloys that solidify with both ferrite and austenite present in the microstructure, the
transformation takes place by the growth of primary or second phase austenite. This
transformation is controlled by the diffusion of alloying eclements from the
ferrite/austenite interface and can be modeled to predict the influence of cooling ratc
on the extent of the transformation. For alloys that solidify in the fully ferritic
mode, nucleation of austenite is required before the transformation can proceed. The
composition-dependent stability of the ferrite and the cooling rate each contribute to
the nucleation and growth characteristics of the austenite to produce three different
morphologies: Widmanstatten austenite platelets, Widmanstatten austenite needles and
massive austenite grains. This chapter discusses the composition and cooling ratc
regimes where each morphology exists and explains the solid state transformation
mechanisms by taking into account the thermodynamic and kinetic factors which arc
responsible for the nucleation and growth behavior. Furthermore, many parallels can
be drawn between the phase transformation behavior of the Fe-C system and the
Fe-Ni-Cr system. The austenite morphologies which develop during the decomposition
of delta ferrite in the Fe-Ni-Cr system are identical to many of the ferrite
morphologies which develop during the decomposition of austenite in the Fe-C system.
The analogy between these two systems is presented as a useful starting point for

understanding the solid statz transformation of ferrite.

Chapter 9 integrates the empirical findings of Chapters 4, 5 and 6 with the

theoretical results of Chapters 7 and 8 as a summary of the concepts which were
developed during this investigation. These concepts represent the general framework
of the influence that cooling rate has on the microstructure of stainless steel alloys
from the initial stages of solidification through the final stages of the solid state
transformation. Because of the many-faceted nature of the aspects involved during
the solidification of stainless steel alloys, there were several areas that were
identified where additional research needs to be performed. These areas are also
summarized in Chapter 9 along with a summary of the major conclusions of this

thesis.
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CHAPTER 2

Materials And Experimental Procedures

2.1 Materials

2.1.1 Fabrication of the High Purity Alloys

The selection of the stainless stee! alloys used in this study was based on two
primary considerations. The alloys had to be of high purity to facilitate
microchemical analysis so that solute redistribution could be modeled and the alloys
had to span a large composition range so that the effects of both primary austenite

and primary ferrite solidification could be investigated.

Seven high purity Fe-Ni-Cr ternary alloys were produced that contained 59% Fe
but had different Cr/Ni ratios, which varied from 1.1 to 2.2. These compositions span
the line of two-fold saturation as shown on the constant-iron vertical section in Fig.
2.1. Stainless steel alloys containing 59% iron were selected in favor of the more
common 70% iron alloys (AISI 304, 316) for two reasons : 1) The lower iron content is
clearly separated from the peritectic to eutectic transition, thus insuring eutectic
solidification behavior for all of the alloys and 2) The lower iron content increased
the probability that the selected chemical compositions would yield the desired
solidification mode since the three-phase L+F+A region spans a larger composition

range at lower iron contents.

The alloys were melted and hot worked at AMAX Materials Research Center in
Ann Arbor, Michigan. All heats were va'cuum/argon-induction melted from 99.93%
pure electrolytic iron, 99.56% pure electrolytic chromium, and 99.94% pure carbonyl
nickel powder. Two alloys were produced per 68 1b melt by a split heat technique.
After melting of the initial charge and deoxidation with aluminum, the melt was
cooled to the freezing point three times and then reheated, over a 15 minute time
interval, in order to float off aluminum oxide inclusions derived from the high
oxygen contents of electrolytic iron and chromium. After the first ingot had been

poured and the alloving addition had been made for the second split, a 5 minute
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floating-of f period was used before pouring the second alloy. For each alloy, one
ingot 90 mm in diameter and 250 mm high with an adequate hot top was cast in a
seamless steel pipe mold. The cooling-rate of the ingot was estimated to be 0.33°C/s

by measuring the temperature on the outside of the steel mold at a location 75 mm
beiow the hot-top.
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Figure 2.1 Compositions of the seven Fe-Ni-Cr alioys plotted on the 55% Fe
isoplecthal section.
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Chemical analysis was performed by AMAX on a chill cast button which was
removed from the bottom of the ingot. The concentrations of Mn, Si, Cr, Ni and P
werc determined by wet chemical methods; Al was analyzed by optical emission
spectroscopy; C, N3, Oz and S were analyzed by gas/fusion techniques. The results of
the chemical analysis are shown in Table 2.1 and indicate that the alloys are at least
99.9 wt. percent Fe + Ni + Cr. All of the alloys were intended to have identical iron
contents and the chemical analysis shows that the iron content varies by no more than

0.5 percent from the mecan value of 58.7 wt. percent.

Table 2.1 Compositions of the seven alloys (wt. percent)

Element 1 2 3 4 5 6 7
Cr 22.36 24.25 2499 25.52 26.43 27.62 28.05
Si 0.051 0.056 0.042 0.032 0.048 0.042 0.044
Al 0.022 0.029 0.02 0.031 0.027 0.02 0.044
Ni ' 19.32 17.32 16.49 15.77 14.29 13.66 12.66
Mn 0.002 0.001 0.003 0.008 0.002 0.004 0.002
N 0.0028 | 0.0032 | 0.0026 | 0.0028 | 0.0038 | 0.0026 | 0.0035
C 0.0023 | 0.0022 | 0.0019 | 0.0026 0.011 0.0019 | 0.0039
o 0.0047 | 0.0053 | 0.0102 | 0.0034 | 0.0026 | 0.0075 | 0.0026
S 0.0018 | 0.0016 0.003 0.0022 | 0.0013 0.003 0.0012
P 0.001 0.001 0.001 0.002 0.00!1 0.001 0.001
(Fe) 58.23 58.33 58.44 58.63 59.2 58.64 59.19 X
Fe+Ni+Cr 99.91 99.9 99.92 99.92 99.9 99.92 99.9
Cr eq. 22.44 2433 25.05 25.57 26.5 27.68 28.12
Ni eq. 19.48 | 17.48 16.63 15.94 14.44 13.8 12.88
(Cr/Ni) eq. 1.15 1.39 1.51 1.60 1.84 2.01 2.18

The main portion of each ingot was machined to a diameter of approximately 80
mm and hammer-forged at 1250 oC to develop a 70 mm round-cornered-square Cross
section. No cracks developed at this stage and the billets were broad-rolled to about

150 mm, measured perpendicular to the original ingot axis. The billets were then
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long-rolled parallel to the original ingot axis. The reductions were 10% per pass, and
typically from three to six passes were made per reheat, depending on the workability
of the steel. Four of the alloys (1,2,3,4) were rolled to the desired 10 mm thickness
without cracking. Slight-to-severe cracking, however, occurred in alloys 5,6 and 7.
Whenever cracking was observed the plates were cooled and the cracked regions were
cut away before resuming rolling. The final hot-rolled plates measured 150 mm wide,

10 mm thick and the lengths varied from approximately 100 mm to 400 mm.

2.1.2 Arc Cast Buttons

The slowest cooling rate condition was to be represented by the original cast ingot
microstructure, however, the original ingot microstructure was altered during
high-temperature homogenization and hot working of the ingots. Therefore, a new

casting was made on each alloy to represent the slow cooling-rate microstructure.

Approximately 200 g of material was removed from each hot-rolled plate and
descaled by machining off the surface layer. Part of this specimen was submitted for
chemical analysis and the remainder was recast in an arc-melting furnace which was
backfilled with argon gas to approximately 0.5 atm. Each alloy was melted in a
water-cooled copper hearth which produccd a button 80 mm long, 40 mm wide and 20

mm thick.

Chemical analysis was performed on each arc cast button and on the original hot
rolled plate to verify the cleanliness of the arc casting process. These results which
are shown in Table 2.2 indicate that the Ni and Cr contents vary by less than 0.5
percent from the starting composition. The chemical analysis also showed that the
total wt. percent C + N was between 0.01 and 0.03 wt. percent which is slightly higher
than the starting material. This slight contamination was not considered to be

significant in this investigation.
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Table 2.2: Chemical compqsition at different processing stages (wt. %)

Alloy Element Ingot Plate Button
Cr 22.36 22.35 22.53

1 Ni 19.32 18.73 18.56
Fe 58.23 58.7 58.7

Cr 24.25 24.45 24.48

2 Ni 17.32 17.2 17.03
Fe 58.33 58.1 58.1

Cr 2499 2499 25.05

3 Ni 16.49 16.38 16.16
Fe 58.44 584 57.3

Cr 25.52 25.56 25.5

4 Ni 15.77 16.04 15.54
Fe 58.63 57.9 58.7

Cr 26.43 26.54 26.66

5 Ni 14.29 14.87 14.67
Fe 59.2 58.4 58.4

Cr 27.62 27.78 27.46

6 Ni 13.66 13.73 13.57
Fe 58.64 58.3 58

Cr 28.05 28.28 28.31

7 Ni 12.66 13.26 13.08
Fe 59.19 57.70 58.4

2.1.3 Melt Spun Ribbons

Melt spun ribbons with cooling rates of about 106°C/s were produced on a special
series of Fe-Ni-Cr ternary alloys. The purpose was to rapidly solidify the alloys so
that the microstructure consisted solely of single-phase metastable ferrite. The

magnetic properties of the ferrite was then measured using a vibrating sample
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magnetometer and the results were used as the magnetic calibration standards for
calculating the ferrite content of austenitic/ferritic stainless steels. The composition

of these alloys is summarized in Chapter 3.

The alloys were made by a two-step procedure. First, a 25 g ingot was induction
melted and second, this ingot wés remelted and melt spun into ribbon. The initial
ingot was made from 99.9+ purity iron, nickel and chromium and melted in a 15 mm
quartz crucible. The chamber was first evacuated to 30 ym Hg and backfilled with a
partial pressure of argon gas. The charge was induction melted using a graphite
susceptor and 20 kW of power. The total melting time was less than 180s prior to

shutting off the power and allowing the ingot to cool.

The ingot was removed from the furnace and because of the high oxygen content
of the electrolytic iron, an oxide scale kad formed on its surface. The scale was
removed by wiie brushing and the ingot was cut into two equal parts. One half (12.5

g) was used for melt spinning, the other for characterization of the cast structure.

The 12.5 g charge was placed into a 16 mm diameter quartz crucible for melt
spinning in a commercial unit, manufactured by Marko Materials. The crucible was
manufactured with a 25 um diameter hole at its base to allow the molten charge to
flow onto the water cooled copper chill. The chamber was pumped down to 30 um Hg,
backfilled with argon, and the induction melting was performed using a graphite
susceptor and 20 kW power. The charge was allowed to melt and was heated for 180s
plus an additional 60s to superheat the liquid. The copper substrate was revolving at
1500 rpm and the superhcated liquid was allowed to flow onto it from a distance of 3
mm above its surface. The ribbons measured | mm wide and about 38.! um thick and
cooled at rates of about 105°C/s [2.]1]. The ribbons were verified to be single phase

ferrite by X-ray diffraction.

2.2 Surface Melting and Resolidification

2.2.1 Weld Coupon Preparation

The hoti rolled plate was cut into 38 mm wide strips across its width and these

strips were machined into coupons which measured 140 mm long, 38 mm wide and 6.4
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mm thick. The microstructure of these coupons revcaled 2 very large primary
dendrite arm spacing and a secondary dendrite arm spacing of about 35 um. This
microstructure was considered to be too coarse for the high speed ¢lectron beam

surface melts which penetrate less than 100 gm.

The microstructure of the coupon was refined by melting the surface with
overlapping electron-beam passes down the length of the coupon. This surface
homogenization technique consisted of approximately 15 passes at 100 kV, 38 ma and
25.4 mm/s. A defocused beam was used and approximately 150s was allowed between
passes for cool down. The surface of the plate was homogenized to a depth of about
1.5 mm with a primary dendrite arm spacing of less than 10 um. Each coupon was
heated to 500°C for 1800s and hot pressed in a 300 ton forge to remove the distortion
caused by the surface homogenization. The surface of the plates were lapped to an 8

xm rms f1nish in final preparation for the electron beam welds.

2.2.2 Electron Beam Surface Melting

It was desired to produce a series of melts on each alloy with increasing cooling
rates from abuut 100°C/s to about 1060C/s. The technique chosen was similar to that
used by Boettinger et al. [2.2] who kept thcr electron beam power level constant and
varied the travel speed. Preliminary melts on stainless steel alloys showed that a 2
kW power level (100 kV, 20 mA) was sufficient to produce melting at travel speeds as

high as 5 m/s, consequently, this power level was used throughout the study.

Single pass, and overlapping multiple pass melts were made across the 38 mm
width of the coupon. All melts were made with a sharp focussed electron beam
except for two melts made at the slowest travel speeds. These melts were made with
an electron beam defocussed above the surface of the plate to prevent burn through.
The complete set of melt parameters are listed in Table 2.3. Six single-pass melts were
made at travel speeds which varied from 6.3 mm/s to 5,000 mm/s. Four sets of
over-lapping multiple pass melts were also made on each coupon at travel speeds

between 100 mm/s and 5,000 mm/s. The multiple passes were made with a 50 percent
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overlap and approximately 120s was allowed between each pass for cooling down.
The number of passes was selected to produce a 6 mm wide strip and required

between 9 and 20 passes at each travel speed setting.

The cross sectional shape of the surface melts varied considerably as the travel
speed was increased. Meilts 1 and 2 had deep penetrations and were formed by a
key-hole mode. Melt 3 was necarly semicircular in cross section and approximately 1
mm deep. Melt 4 had a double-humped appearance which was presumably caused by
the non-uniform electron-beam force pushing the molten metal to the edge of the
melt. Melts 5 and 6 had shallow and uniform penetrations of approximately 25 um

and 5 um, respectively.

Table 2.4 summarizes the average width and depth of the surface melts as
measured from the metallographic cross sections. The average length of each melt was
optically measured on the surface of melts 1, 2, and 3 and metallographically
measured on longitudinal sections for melts 4 and 5. Melt 6 was too shallow to
examine and its length was assumed to be equal to the radius of the electron beam
spot. Fig. 2.2 plots the melt dimensions versus travel speed and shows that the width
approaches a limiting value at high speeds. This limiting value corresponds to the
size of the electron-beam focal spot. At low speeds, the longer time for heat diffusion
widens the fusion zone beyond the focal spot size. The length is approximately
constant for melts 1, 2, and 3. However, the length of melts 4, 5, and 6 decrease and
appear to approach the radius of the electron-beam spot. Melts 4, 5, and 6 are all
characterized by depths which are shallow compared to their width and thereforc
solidification is controlled by heat flow through the depth rather than through the

width of the fusion zone.
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Table 2.3: Electron beam melt summary. All melts at 100 kV and 20 mA.
Scan No. Travel Speed No. of Passes QOverlap

(mm/s) (%)

1 6.3 1 -

2 25 i -

3 100 1 -

4 500 1 -

5 2,000 1 -

6 5,000 1 -

3 100 9 50

4 500 10 50

5 2,000 12 50

6’ 5,000 20 50

Table 2.4: Average width, depth and length of the

six single-pass surface melts in mm.

melt i 2 3 4 5 6
depth 3.33 3.10 1.07 0.178 0.025 0.005
width 5.08 2.89 1.55 1.24 1.17 1.11
length 5.44 5.80 5.10 2.00 0.86 (0.55)

2.3 Microstructural Characterization

2.3.1 Optical Metallography

Characterizing the primary mode of solidification and the ferrite morphology is

an essential factor in determining the sequence at solidification and solid state
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transformation effects which contribute to the final microstructure. The ferrite and
austenite are dissimilar in crystal structure and in composition, therefore they are

easily distinguished by optical metallographic technigues.

The metallographic specimens were polished by conventional methods and were
etched by one of two techniques. The majority of the specimens were electrolytically
etched in a saturated oxalic acid or 10 percent sodium hydroxide solution. An
applied potential of approximately 1 volt was used at a current density of about 0.5
Amp/cm2, These conditions preferentially dissolved the ferrite phase, giving the
ferrite a dark appearance and leaving the austenite reflective and shiny in the bright

field microscope.

For a few specimens, a second and more discriminating color etching technique
was used. Beraha’s color etch No. 14 [2.3] (20 g ammonium bifluoride, 0.5 g potassium
metabisulfite and 100 m! distilled water) was prepared fresh and the specimen was
immersed at room temperature for approximately 30s until the specimen had a
heat-tinted appearance. The specimen was removed from the etchant and rinsed in
water followed by acetone, reagent grade methanol and immediately blown dry with
compressed air. When .etched properly, the ferrite has a white appearance and the
etch can distinguish between the two types of austenite. The austenite that solidified
from the melt has a golden-brown color and the austenite that transformed from the
ferrite phase has a dark brown color. This technique was valuable for determining
the primary mode of solidification and was most successful on the slow cooling-rate
melts of alloys 3, 4, and 5 which solidified as primary ferrite and contained between

10 and 25 percent ferrite.

The results of the microstructural characterization are summarized in Chapter 5
where both the primary mode of solidification and ferrite morphology werc

determined as a function of cooling rate.

2.3.2 Dendrite Arm Spacing Measurements

Dendrite arm spacing (DAS) measurements were made on the melts in order to
estimate the cooling rates produced by the different travel specds. The slow travel

speed melts had a larger dendrite arm spacing and had correspondingly lower cooling
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rates than the high speed melts. The castings and melts 1, 2, 3, and 4 solidified in a
cellular or dendritic mode with a primary spacing larger than the 1 un‘1. These cell
sizes were able to be measured by optical metallographic methods. Melts 5 and 6
however, solidified at high cooling rates with a cell size smaller than 1 um and

required a scanning electron microscope to resolve the microstructure.

For the majority of the alloys, the low cooling rate microstructure consisted of
primary dendrites with well defined secondary arms. However, as the cooling rate was
increased, the microstructure refined in size and formed cells rather than dendrites.
Since secondary arms were not always present in the higher cooling rate melts (3-6),
secondary arm spacings could not be used to estimate the cooling rate. Therefore,
primary DAS measurements were made on the alloys cooled at low rates and cell size

measurements were made on the alloys cooled at high rates.

Microstructural characterization (Chapter 5) revealed that the cast alloys 1, 2, 3,
4, and 5 solidified in fully austenitic or austenitic/ferritic modes with well defined
dendrites or cells. The DAS measurements were correspondingly direct and easily
made. Alloys 6 and 7 however, solidified in a fully ferritic mode and the
solidification substructure was ’erased’ during the solid-state transformation of the

ferrite. Therefore, DAS measurements were only able to be made on alloys | through
5.

The measurements were made by a line-intercept technique on the optical or SEM
micrographs. All measurements were made in the upper portion of the melt, at a
location half way between the fusion line and the melt centerline. The results are
listed in Table 4.1 as the average value from the 5 alloys, %, and standard deviations,

s. These data will be used to calculate the cooling rate in chapter 4.

2.3.3 Ferrite Measurements

The ferrite content of the alloys, and particularly the influence that cooling ratc
has on the ferrite content of the alloys is of extreme importance to. this investigation.
Consequently, Chapter 3 is devoted to the calibration of the ferrite measuring devices

and the ferrite mecasurement results. Measuring the ferrite content of the high speed
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surface melts required the development of a new technique, using a vibrating sample
magnetometer (VSM). This approach is discussed in detail in Chapter 3 and only the

sample preparation techniques will be discussed here.

Conventional ferrite measuring techniques (Magne-Gage, ferrite meter, quantita-
tive metallography) could not be used to measure the ferrite content of the high
cooling rate melts because of the small physical dimensions of the rapidly cooled
melts. However, the VSM technique could be used for small specimens which weighed
as little as 10 mg. The specimens were increasingly difficult to extract as the cooling
rate increased. The single-pass, slowest cooling rate melts 1 and 2 had deep enough
penetrations and specimens were cut from the top center of the melt measuring
approximately 6 mm x 3 mm x | mm. However, single pass melts 3, 4, 5 and 6 were
too shallow for-specimen removal. Therefore, multiple pass melts 3, 4, 5 and 6 were

made (see section 2.2.2), which were wide enough to produce suitable specimens.

The specimens from shallow penetration melts were prepared by a hand lapping
technique. A section of the plate was removed which contained a 6 mm wide by 10
mm long strip of the surface melted material and this specimen was mounted to a 15
mm thick brass block using organic resin. The base metal was then ground away
from the surface melted region using 240 grit paper. By successively measuring the
thickness of the block + resin + specimen between grinding steps, the thickness of the
specimen (melt + base metal) could accurately be measured. Grinding was completed
when the specimen thickness was smaller than the depth of penetration of the melt.
Specimens were easily prepared with 10 ¢m thickness or larger but the 5 um thick
melts from the 5 m/s travel speeds were not successfully extracted without base metal

contamination.

2.3.4 Electron Probe Microanalysis

The arc cast buttons had a coarse microstructure which allowed the composition of
the ferrite and austenite phases to be measured by electron probe microanalysis
(EPMA). The microprobe was focused in the center of the ferrite or austenite

dendrites and a quantitative analysis was performed to determine the Fe, Cr and Ni
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concentrations in each phase. The microprobe was calibrated using pure Fe, Cr and
Ni standards . The voltage was held constant at 20 kV and a LiF crystal was used to

analyze the X-rays.

Specimens were prepared for the microprobe by conventional metallographic
techniques and polished with an alumina slurry to a final 0.3 um finish. These
specimens were very lightly electrolytically etched in saturated oxalic acid to outline
the phase boundaries and then rinsed in water, followed by acetone, reagent grade

methanol and finally blown dry with compressed air.

The microprobe was used to measure the atomic percent Fe, Ni and Cr in both the
ferrite and austenite phase for each of the seven cast alloys. Five measurements were
made in each phase and Table 2.5 gives the average composition in wt. percent. These
values were converted from atomic percent using molecular weights of 55.9 (g/mole)
for Fe, 58.7 {g/mole) for Ni and 52.0 (g/mole) for Cr. Statistics performed on each set
of 5 data points showed that the typical standard deviation was small and varied
between | to 2 percent of the mean value for Fe, and 1 to 8 percent of the mean
value for Cr and Ni. Total atomic percents (Fe+Ni+Cr) varied between 99.0 and
101.0.

It is interesting to note that the composition of the ferrite and austenite phases in
the castings does not vary significantly between the seven alloys. Only alloy 7
appeared to deviate from the invariant compositional trend. It is believed that this is
a result of inaccurate EPMA measurements because of the very fine spacing between
the ferrite and austenite ’plates’ in alloy 7. This fine spacing (5 #m) is a result of the

solid state transformation .of ferrite and is unique to alloy 7.

Attempts were made to use the EPMA technique to measure the composition of
the ferrite and austenite phase in the melts. However, the microstructure of the meits
were, for the most part, too closely spaced to give accurate measurements. The few
locations thét were found to be suitable generally gave what appeared to be good
results for the matrix phase but poor results for the second phase. These few
measurements were valuable however, in characterizing the single-phase ferritic

solidification behavior of the melts in alloys 6 and 7.



51

Table 2.5: Average compositions (wt. percent) of the ferrite

and austenite phases in the arc cast buttons.

Casting Ferrite Austenite
Cr Ni Fe Cr/Ni Cr Ni Fe Cr/Fe

1 - - - - - - - -

2 35.4 10.1 54.5 3.50 25.3 16.1 58.6 1.57
3 35.8 9.2 54.9 3.89 249 16.0 59.1 1.56
4 36.2 8.7 55.1 4.16 25.7 16.6 57.7 1.55
5 35.0 9.3 55.7 3.16 25.9 16.7 57.4 1.55
6 35.1 8.3 56.6 423 26.4 14.8 58.7 1.78
7 39.9 6.3 53.8 6.33 27.1 15.1 57.8 1.79

2.3.5 X-ray Diffraction

X-ray diffraction experiments were performed to verify that the melt spun
ribbons were fully ferritic. The single phase nature of the ribbons was of particular
interest since the ribbons were to be used as ferrite standards to calibrate the

vibrating sample magnetometer.

Two types of specimens were prepared for the X-ray experiments. Melt spun
ribbons and powder specimens made from the cast alloys. The ribbons measured
approximately 1 mm wide and were cut into 50 mm lengths. These samples were
cleaned in acetone and then attached to a 75 mm long by 25 mm wide glass slide
using double stick tape. The ribbon edges overlapped approximately 0.25 mm and the

entire width of the glass slide was covered with the ribbons.

Powder specimens were prepared by filing the cast alloys with a fine-pitched filc.
The powder was then mixed with an organic binder and a portion, 25x25 mm, of the
glass slide was covered with the mixture. The powder specimens consisted of a known
fully-austenitic alloy and a known duplex alloy containing approximately 25 percent

ferrite.



52

The X-ray diffractometer was equipped with a chromium tube and Cr ka radiation
was used, having a wavelength of 2.291 A. The divergence slit and receiving slit
angles were set at 3 deg. and 0.1 deg. respectively. The scan speed was set at 8

deg./min and the specimen was scanned between 26 angles from 20 deg. to 160 deg.

For the above diffraction conditions, the following planes appear. BCC ferrite:
(110), (200), (211) ; FCC austenite: (111), (200), (220). The iattice constant of ferrite
was taken to be 2.871 A [2.4] and the 2¢ values for the ferrite peaks were calculated
from this lattice parameter to be 68.7, 105.8, and 155.6 deg. for the (110), (200), and
(211) planes respectively. Table 2.6 compares the 2¢ values which were calculated
with those which were experimentally determined. The calculated and experimentally
determined values agree to within 0.3 deg. which indicates that the peaks are properly
indexed. The austenite peaks were similarly indexed and from the experimentally

determined peaks, the lattice parameter for austenite was determined to be 3.570 A.

Fig. 2.3 illustrates the diffractometer chart records for a fully ferritic, a fully
austenitic and a duplex alloy stainless steel specimen. With the peaks characterized,
the melt spun ribbons were shown to be fully ferritic and all of the ribbons had

X-ray charts characteristic of the type shown in Fig. 2.3 a.

Table 2.6: Summary of X-ray diffraction results

20 26
d calculated | experimental

Phase Plane h2+k2+]12 (A) (deg) (deg)
(110) 2 2.030 68.7 68.9

Ferrite (200) 4 1.436 105.8 106.1
(211) 6 1.172 155.6 155.9

(111) 3 2.061 67.5 67.4

Austenite (200) 4 1.785 79.8 79.7
(220) 8 1.262 1304 129.8
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2.4 Density Measurements

Density measurements were used to convert magnetic measurements from the
units of emu/g to Gauss. These measurements were made on the seven base metal
alloys which varied from 0 to about 35% ferrite and also on fully ferritic specimens.
Base metal specimens weighing approximately 58 (20 mm x 5 mm x 5§ mm) were
removed from the hot-rolled plate. Fully ferritic specimens were produced on alloys 6
and 7 by electron beam melting at 20 mA, 100 kV and 12 mm/s, with a slightly
defocused beam. The fusion zones measured approximately 4 mm deep and 1.5 mm
wide at the half-depth position. A time-consuming, but effective, specimen removal
technique was used to extract the all-weld-metal specimens. The technique consisted
of cutting a 10 mm length of melt which was polished and macroetched on both cross
sectional ends and on one longitudinal side of the melt. The longitudinal side was
then successively ground down and macroetched several times to reveal the depth of
the melt. At this point, the specimen was sliced, parallel to the longitudinal section,
on a diamond wafering saw. This produced a thin wafer of all-weld-metal ferrite
measuring about 3 mm x 0.75 mm x 10 mm. Confirmation of the fully ferritic

structure was made by observing the six macroetched surfaces of the specimen.

The density measurements were made by a standard buoyancy test, ASTM C693-74
[2.5] with toluene as the immersion fluid. Density values of 0.867 g/cm3 and 0.001173
g/cm3 were used for toluene and air respectively. The density of the specimen was

calculated from the equation:

ps:(wﬁpT_prA)/(WA—wT) (2.1)
where W is the weight in g and » is the density in g/cm3. The subscripts s, A and T
correspond to the specimen, air and toluene respectively. Three density measurements
were made on each specimen and, in accordance with the procedures, the
measurements were repeated until all data fell within 0.01 g/cm3 of the mean value.
Table 2.7 summarizes the measurements and indicates that the density decrecases
from the fully austenitic alloy 1 (7.9622 g/cm3) to the fully ferritic specimens 6-F and
7-F (average value of 7.7661 g/cm3). These data reflect the lower density of the BCC

ferrite phase and are consistent with the literature.
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Table 2.7: Density measurements made on the base metal alloys 1-7

and on fully ferritic specimens of alloy 6 and 7.

P 1 2 3 4 5 6 7 6-F 7-F

(8/cm3)| 7.9662 | 7.9419 | 7.9198 | 7.9018 | 7.8671 | 7.8434 | 7.8102 | 7.7568 | 7.7754

2.5 Isothermal Studies of the Ferrite to Austenite Phase Transformation

The kinetics of the ferrite to austenite phase transformation were studied by
measuring the fraction of ferrite that transformed as a function of time, under
isothermal conditions. The data were analyzed using the Johnson-Mechl-Avrami
approach and attempts were made to confirm diffusion coefficient data in the

Fe-Ni-Cr system.

The isothermal heat treating was performed in a molten salt bath by immersing
the specimen for the desired time, followed by a water quench. The specimens were
placed in a wire basket made from chromel thermocouple wire and to protect the
specimen from the corrosive molten salts, each specimen was wrapped in 0.05] mm

thick type 304 stainless steel foil and double crimped shut on all edges.

The starting material was single phase ferrite of alloy 6 and alloy 7 compositions.
The single phase ferrite specimens were prepared from the electron beam melted
alloys using the same method of extraction that was presented in section 2.4. Each

specimen weighed approximately SQ mg and was tested at 625°C and 720°C.

An initial magnetic measurement was made on the specimen using the VSM (see
Chapter 3) to confirm that it was fully ferritic. After heat treating, the ferrite
content was again measured to determine the amount of transformation. The
heat-treating/magnetic measurement steps were repeated on each specimen by
doubling the total transformation time with each additional heat treatment until the

majority of the phase transformation had been completed.
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CHAPTER 3

Measuring The Ferrite Content Of
Rapidly Solidifed Stainless Steel Alloys

3.1 Review of Conventional Ferrite Measurement Techniques

Many techniques have been used to measure the deita ferrite content of stainless
steel welds. Constitution-diagrams, such as the Schaeffler diagram [3.1,3.2] and the
Delong diagram [3.3], rely strictly on composition to predict the ferrite content of the
resulting weld microstructure. These diagrams only provide accurate correlations
between ferrite content and composition for "typical’ stainless steel alloy compositions
[3.4,3.5], and for a narrow range of welding conditions that have cooling rates which
are similar to those of gas tungsten arc welds [3.6,3.7]. Post-weld ferrite meas'\.xrements
are gencrally performed using magnetic instruments such as the Magne-Gage or
ferrite meters [3.8, 3.9]. These instruments have been developed to measure the
amount of the ferromagnetic ferrite in a duplex =ztcinless steel alloy and are
reasonably successful at measuring ferrite in arc-welds and castings for typical
austenitic stainless steels containing about 70 percent iron. However, for alloys which
deviate from this iron content, the composition-dependent magnetic propcrties of the
ferrite must be taken into account [3.10,3.11] and these corrections are not well

established.

The conventional magnetic instruments have an additional limitation which is
caused by the uncertainty of the magnetic field generated by the measuring probe.
These ficlds are non-uniferm within the volume of the material tested and do not
uniformly saturate the ferrite. Consequently, these instruments respon¢ .) the
permeability which is not a material property. As a result, these instruments are
sensitive to the orientation and shape of the ferrite as well as to the geometry and
volume of the specimen being tested. In order to reliably measure ferrite with these
instruments, the specimen must be large enough to obtain the maximum magnetic
attraction between the probe and the specimen. For these cases, empirical

relationships have been developed to convert the magnetic readings into an equivalent
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ferrite content. However, these measurements are only valid if the specimen exceeds
some minimum physical dimension, which is about 10 mm for a Magne-Gage and for

other conventional magnetic instruments [3.9].

The limitation on the specimen size presents problems for high cooling-rate welds
and rapidly solidified alloys. The size of electron beam welds may be less than 1 mm
wide, pulsed laser welds may be only 0.25 mm deep and rapidly solidified alloys have
even smaller physical dimensions. It is impossible to measure the ferrite content of
these specimens with conventional magnetic instruments. Only quantitative metallog-
raphy (QTM) 'can be used to inspect the rapidly solidified microstructures. However,
QTM is not accurate for measuring ferrite in arc welds and rapidly solidified alloys
because of the small size of the ferrite particles. AWS A4.2-86 [3.8] discusses the
irreproducibility of quantative metallography and concludes that QTM is only
accurate for measuring the ferrite content of castings. Therefore, a new technique
was investigated which is not limited by a small specimen size and which can be uscd

to measure the ferrite content in rapidly solidified stainless steel alloys.

3.2 The Vibrating Sample Magnetometer Methed

The vibrating sample magnetometer (VSM) measures the magnetic moment of a
specimen when it is placed in a magnetic field. Figure 3.1a illustrates the VSM
method which is based on the change in flux when the specimen is vibrated within a
detection coil. The specimen is attached to the end of a rod which is fixed to a
mechanical vibrator and the rod vibrates at about 80 hz in a directicn which is at
right angles to an applied magnetic field. Also attached to the rod is a small
permanent magnet which acts as a reference specimen. Both the reference specimen
and the unknown specimen induce an emf in their respective coils and the difference
between the two signals is proportional to the magnetic moment of the unknown
specimen. Since the reference specimen and unknown specimen vibrate at the same
amplitude and frequency, the method is insensitive to vibration amplitude and
frequency. The VSM is calibrated with a specimen of known saturation magnetiza-
tion and when the VSM is properly aligned and calibrated, it can detect changes in

the magnetization of less than 10-3 emu. The high sensitivity of the VSM is apparent
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since a single gram of ferrite in stainless steel alloys has a saturation niagnetization
of about 100 emu. The nomenclature used to describe magnetic measurements is

summarized in Table 3.1.

Table 3.1 : Nomenclature used to descibe the magnetic measurements

Symbol Description Units Value
4n Mg saturation magnetization Gauss -
(o g8 specific (saturation) emu/g -

magnetization of ferrite

O specific (saturation) magnetization emu/g -
of the specimen

Ugp weight fraction ferriie - -
Pr mass density of ferrite g/cm3 7.77
u saturization moment per atom Bohr Magnetons -
H applied magnetic field Oe -
M (H) field dependent magnetization Gauss -

The VSM measures the magnetization 'of a specimen, ¢ or M, in response to a
known magnetic field, H. From these data, an M-H curve is constructed by
performing a series of measurements with increasing magnetic fields which were
varied from -10 kOe to +10 kOe in this investigation. At high H fields, the ferrite
saturates and the saturation magnetization, M,, of the specimen can be measured. The
M, value is a function of the weight fraction ferrite, v;, in the specimen and the

composition-dependent magnetic properties of the ferrite :

4nM;=4no v.p; [Gauss] (3.1)
where the specific saturation magnetization of the ferrite, o,, is measured in emu/g
and p, is the density of the ferrite in g/cm3. Therefore, if o, and the density of
ferrite are known, then the volume fraction ferrite is easily calculated by a single,
room-temperature, M-H measurement. The density of ferrite was measured to be 7.77
g/cm8 on a fully ferritic Fe-Ni-Cr specimen containing 59 wt.% Fe and since the

density of ferrite does not change significantly with composition, this value was used
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for all of the alloys in this study. However, o, is a strong function of composition and
methods to predict the saturation magnetization of ferrite from its composition will
be discussed in the following sections.

In austenitic-ferritic stainless steel alloys, the ferrite phase has no significant
coercivity and the M-H curve passes through the origin with no hysteresis. Figure
3.1b shows a typical M-H curve to illustrate how M, is determined. At high H fields,
the ferrite saturates and the M-H behavior becomes linear. The spontaneous
magnetization is graphically determined by extrapolating the high field susceptibility
to cho applied field. The resulting value of M, corresponds to the magnetization
required to saturate the ferrite and is a material property. In this paper M, will be

used to represent the saturation magnetization of ferrite.
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Figure 3.1 a) Schematic drawing of the vibrating sample magnetometer,
after Cullity [3.217 and b) a typical M-H curve from a duplex
stainless steel alloy.
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The saturation magnetization tests were performed by calibrating the VSM with a
pure nickel standard of known emu. Specimens from the welds were prepared as thin
wafers (~ 0.5 x 3 x 3 mm) weighing between 10 and 50 mg. The samples were
attached to a quartz holder using teflon tape and the M-H curves were generated in
200 Oe increments. M; values were determined for each specimen and these

measurements were converted into percent ferrite using equation 3.1.

3.3 The Saturation Magnetization of Ferrite

3.3.1 Background

The volume percent ferrite is easily calculated using equation 3.1 if the saturation
magnetization of ferrite is known. However, o, is a function of composition and this
presents two problems. First, in duplex alloy stainless steels, the ferrite phase has a
different composition than the rominal alloy composition. Therefore, the composition
of the ferrite phase is not known a priori. Measuring the composition by
microchemical analysis techniques is only practical for careful laboratory experiments
while estimating the composition of ferrite is not a Standard calculation. One
objective of this investigation was to develop a method to predict the ferrite
composition as a function of nominal alloy composition, through the use of

thermodynamically calculated phase diagrams.

A second problem occurs because magnetic theory can only predict ¢, from
compositional data in certain single-phase binary-alioy solid-solutions. One method
for estimating the saturation magnetization uses the Slater-Pauling curves which can
predict the magnetic moment of an alloy as a function of composition [3.12]. This
relationship assumes that the saturation magnetization of the alloy is related to the
number, n, of (3d+4s) electrons per atom, according to the rigid band theory. For n
values greater than about 8.3, there is good agreement with experiments and theory as
long as the binary alloy consists of adjacent elements on the periodic table. For
non-adjacent elements and for n values less than about 8.3, there is disagreement
between simple rigid band theory and experiment.

Figure 3.2 shows the Slater-Pauling curves for a number of binary alloy systems.

Additions of Cr, to Fe-Cr alloys lowers the saturation magnetization in proportion to
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the amount of Cr added while additions of Ni to Fe-Ni alloys initially has little
effect on the saturation magnetization. For njckcl additions grcater than approxi-
mately 15 atomic %, the saturation magnetization decreases in proportion to the
amount of Ni in the alloy. For the addition of nontransition elements such as Si, Al,
and Cu to iron rich alloys, the rate of decrease in magnetization is initially about the
same for any element that is added. These elements correspond to typical alloying
clements in commercial stainless steel alloys and tend to reduce the magnetization as
if the Fe atoms were being replaced by atoms of zero magnetic moment. This
behavior can not be explained by rigid band theory.

For ternary alloys or higher alloy systems, theory is even less capable of
explaining the saturation magnetization as a function of composition. One attempt at
deriving an equation to predict magnetization in the Fc-Ni-Cr ternary system was
developed by Curtis and Sherwin [3.13]. Their mode! is based on a "rule of mixtures"

approach, which predicts the saturation magnetization as follows:
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Figure 3.2 Slater-Pauling curves showing the saturation magnetization for
various binary alloy combinations, after Cullity {3.21].
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4ITM5=4JT]— 2.2

N 0'22Pm(%c")+O.6PN.'(%N1)+ . Pr.(%Fe)
00 ACr Am AFa

x(0.927x107%°) [Gauss] (3.2)

where A; refers to the atomic weight of element i, N is Avogadro’s number and » is
the density. _This equation predicts a saturation magnetization for pure Fe of 21,910
Gauss and prcdicts a higher decrease in o, for Cr than for Ni additions.
Unfortunately, there is not good agreement between this equation and experimental
results. Therefore, empirical relationships have been derived to predict the saturation

magnetization of ferrite as a function of composition.

The empirical relationships between composition and o, hayc been derived by
measuring o, for a large number of alloys and measuring the ferrite content of these
alloys by quantative metallography. The saturation magnetization can then be
calculated for each alloy by the ratio of o, to the volume fraction ferrite and these
data can be fit by regression analysis. One such relationship was derived by Merinov

et al. [3.10,3.11] :
47Ms=21,600-275(%Cr)-330(%Ni)-280(%Mn)-610(%Si)

-260(%Mo)-670(%Ti)-630(%Al) [Gauss] (3.3)

This relationship between composition and saturation magnetization confirms the
general trend predicted by the Slater-Pauling curves and shows that o, is reduced by
all of the typical alloying elements in stainless steel. The higher multiplication
factors associated with the lower density elements suggest that this equation is
written in terms of wt.% although the units are not specifically stated in Merinov’
paper.

The major alloying elements in standard 300 series stainless steels are Cr and Ni.
For these elements, Merinov’s equation reduces to: 4nM; = 2l.000-275%Cr-330.%Ni and
can be applied to Fe-Ni-Cr ternary alloys. The multiplying factors for chromium and
nickel are similar and suggest that the iron content of the ferrite is the principal
factor in determining o, in the ternary system, i.e., for a given Fe contznt, o, only

changes a few percent for large differences in the Cr/Ni ratio.
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A comparison of equation 3.2 with equation 3.3, for a chromium and nickel
content representative of ferrite (35.5 %Cr, 9.1 %Ni, 55.4 %Fe), gives values of 13,600
and 8,306 Gauss respectively for o,. This large difference could not be reconciled
from the data provided by the investigators and a separate study was initiated to
dctermine o, as a function of chemical composition. The results of this study shows
that the equation derived by Curtis and Sherwin is not accurate but that the equation
derived by Merinov satisfactorily represents the saturation magnetization of ferrite in

stainlesss steel alloys.

3.3.2 Fully Ferritic Specimens

A series of 100% ferrite specimens of different nominal iron contents were
produced and the specific saturation magnetization of each alloy was measured by the
VSM method. These alloys each have a Cr/Ni ratio which is similar to the Cr/Ni
ratio found in second phase ferrite, therefore, by measuring the saturation

magnetization of these alloys, the effect of iron content on o, could be determined.

The composition of residual ferrite in arc-welded stainless steels has been
measured using EPMA and STEM techniques [3.14-3.18] and the results of these
studies were used to plot the composition of ferrite on the Fe-Ni-Cr ternary diagram
in Fig. 3.3. This figure shows that the experimentally determined composition of
residual ferrite has a Cr/Ni ratio which varies between 3.5 and 10 for 55 and 70% Fe
alloys respectively. This trend in the ferrite composition is related to the ferrite
solvus at elevated temperatures.

Figure 3.4 shows an isothermal section through the Fe-Ni-Cr ternary system [3.22]
which was used to determine the c{quilibrium between ferrite and austenite at 1300°C.
The ferrite solvus is indicated and predicts the equilibrium composition of ferrite just
below the solidification temperature. There is a correlation between the actual
composition of the residual delta ferrite presented in Fig. 3.3 and the thermodynami-
cally calculated (equilibrium) prediction. This relationship suggests that the
composition of ferrite in the slow cooling rate welds is strongly influenced by the
ferrite/austenite equilibrium and that the thcrmodynamic' calculations can be used as

a means to predict the composition of residual ferrite,
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Figure 3.3 Comparison between the ferrite solvus and the composmon of
residual delta ferrite for alloys with different nominal iron
contents.
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Figure 3.4 The ferrite+austenite two-phase field at 1300°C.
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From these data, a series of alloys was prepared to meet the following criteria: 1)
since these alloys were being selected to represent residual ferrite, their composition
had to be close to that of residual ferrite in typical stainless steels and 2) the alioys
had to be rich enough in chromium to allow them to solidify in the single phase
ferrite mode. It was determined that alloys which meet the first criteria will also
meet the second criteria, but only when the alloys are solidified at high rates.
Therefore, to avoid the formation of austenite during the solidification, the alloys
were solidified by a rapid solidification melt-spinning technique to suppress the solid
state transformation of ferrite. The resulting ribbons were shown to be single phase
ferrite by X-ray diffraction.

The composition of the alloys varied from 50 to 80 wt.% Fe and the Cr/Ni ratio
of each alloy was maintained constant at 4.0. A 15g ingot of each alloy was induction
melted from high purity elements for the compositions specified in Table 3.2 and then
each ingot was melt spun into ribbons to solidify the alloys in the fully ferritic
condition. Each ribbon measured about 2 mm wide and about 25 um thick which

resulted in cooling rates of about 104 to 105 °C/s [3.19].

Table 3.2 : Compositions of the fully ferritic, melt spun, alloys

Alloy Fe Ni | Cr Cr/Ni
A 80.0 4.00 16.0 4
B 75.0 5.00 20.0 4
C 70.0 6.00 24.0 4
D 65.0 7.00 28.0 4
E 60.0 8.00 32.0 4
F 55.0 9.00 36.0 4
G 50.0 10.0 40.0 4
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3.3.3 Saturation Magnetization Results

Three specimens, each weighing approximately 5 mg, were removed from each
ribbon and the saturation magnetization was measured using the VSM. These
measured values of the saturation magnetization are identical to the specific
saturation magnetization of ferrite since the specimens are fully ferritic. Table 3.3
summarizes the data and indicates that the o, decreases from 169 emu/g to 77 emu/g

as the iron content of the alloy decreases from 80 wt % to 50 wt % respectively.

Table 3.3 : Spontaneous magnetization of fully ferritic specimens.

Alloy Specimen M at 10 kOe Of 4nM*
(emu/g)
(emu/g) {Gauss)

A 1 168 165 16,100
2 171 168 16,400

3 176 172 16,800

Avg, 172 169 16,500

B 1 154 151 14,700
2 158 155 15,100

3 164 161 15,700

Avg. 159 156 15,200

C 1 141 138 13,500
2 145 142 13,900

3 147 144 14,100

Avg. 144 141 13,800

D 1 119 117 11,400
2 119 117 11,400

3 124 122 11,900

Avg. 121 119 11,600

E 1 106 104 10,200
2 107 . 104 10,200

3 110 108 10,500

Avg. 108 106 10,300

F 1 94 91 8,890
2 98 95 9,280

3 101 98 9,570

Avg. 98 95 9,280

G i 77 75 7,320
2 80 78 7,620

3 81 79 7,710

Avg. 79 77 7,520
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The composition of the melt spun alloys can be represented by the formula
Fe(1.x)Crax/s)Ni(x/5) where x represents the sum of the Ni and Cr. Using this
~ notation, ¢, is plotted versus x in Fig. 3.5 and the resulis show a decrease in o, with x.
Linear regression analysis of the 21 data points gives the following relationship

between o, and the wt. fraction of Cr+Ni, x :

6,=-308(x)+ 231 [emu/g] (3.4)
Extrapolating this data to pure iron, i.e. x = 0, shows that equation 3.4 would predict
the specific saturation magnetization of pure iron to be 231 emu/g. This value is

higher than that reported for pure iron of 218 emu/g [3.20] and suggests that a slight

nonlinearity may exist between o, and composition,
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Figure 3.5 Saturation magnetization of the fully ferritic melt spun ribbons
as a function of Cr + Ni content.
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The specific saturation magnetization of ferrite, o,, was converted from the units
of emu/g to Gauss using equation 3.1 and v,= 1.0, p,= 7.77 (g/cc). The saturation
magnetization in the units of Gauss for the seven alloys are also reported in Table 3.3
and the average 4nm; values for each alloy are plotted in Fig. 3.5 as an alternate
y-axis. A regression analysis of the data shows the following relationship between

4nM, and the weight fraction Cr+Ni, x :

4nM;=-30,020(x)+ 22,520 [Gauss] (3.5)

Extrapolating equation 3.5 to x = 0 shows the saturation magnetization of pure iron to

be 22,520 Gauss which is 4% higher than the measured value of 21,580 Gauss [3.20].

The results of this study are summarized in eq. 3.5 and can be compared to
Merinov’s results which are summarized in eq. 3.3. For Fe-Ni-Cr alloys, with a Cr/Ni
ratio of 4.0, eq. 3.5 predicts a decrease in o, of 300.2 Gauss for each percent Fe that is
replaced by Cr and Ni. Mecrinov’s equation predicts a decrease in o, of 275 Gauss for
each percent Cr and 330 Gauss for each percent Ni. Therefore, for a Cr/Ni ratio of
4.0, Merinovs equation would predict a decrease in o, of 286 Gauss for each percent
Fe that is replaced by Cr and Ni in this ratio. These two predictions are surprisingly
similar when considering the differences in alloys studied and the differences in

experimental techniques.
3.4 Predicting the Composition of Residual Ferrite

Using "Thermocalc" software [3.21], a series of isothermal sections were created
through the Fe-Ni-Cr ternary system [3.22]. These diagrams were used to determinc
the equilibrium compostion of ferrite as a function of temperaturc and the results of
these calculations are summarized in Figures 3.6 through 3.8. These plots show the
%Cr, %Ni and the Cr/Ni ratio of ferrite at temperatures between 1400°C and 950°C
for 50, 60, 70 and 80 wt.% iron in the ferrite.

The chromium content of the ferrite increases and the nickel content of the
ferrite decreases as the temperature decreases to 250°C. This results in higher Cr/Ni
ratios at lower temperatures. Figure 3.8 shows that the Cr/Ni ratios of ferrite
containing 50, 60 and 70 wt.% iron are similar at all temperatures, however, for
ferrite containing more than 70% Fe, the Cr/Ni ratio increases significantly morc

with decreasein temperature.
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Information beyond what was provided in the preceeding figures is required in
order to predict the composition of ferrite from the nominal alloy composition.
isothermal sections, such as the one presented in Fig. 3.4, can be used to determine the
exact compostion of ferrite at a given temperature. However, many such diagrams
would be needed to represent a large range of temperatures. Since the most important
parameter in determining o, is the iron content of the ferrite, a method was
developed to estimate the iron content of ferrite by summarizing the results of many

isothermal sections into a single diagram.

In stainless steel alloys, tie lines in the ferrite+austenite two-phase field show
that the iron content of the ferrite is lower than the iron content of the nominal
alloy. By taking the ratio of iron in the ferrite to iron in the austenite at the tie-line
endpoints, one can place an upper limit on the difference in the Fe content of the
ferrite and the Fe content of the nominal alloys because all of the alloys that lie on a

given line have the same ferrite and austenite composition.
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Figure 3.6 Thermodynamic calculations of the chromium content in ferrite
as a function of temperature and iron content of the ferrite.
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Figure 3.7 Thermodynamic calculations of the nickel content in ferrite as a
function of temperature and iron content of the ferrite.
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Figure 3.8 Thermodynamic calculations of the Cr/Ni ratio of ferrite as a
function of temperature and iron content of the ferrite.
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Figure 3.9 shows the ratio of the Fe in the ferrite to Fe in the austenite for
ferrite containing 50, 60, 70 and 80 wt% Fe. This figure was derived from the
tie-lines generated by thermodynamic calculations and the results are plotted for
temperatures between 1400°C and 950°C. To use this diagram, one must recall that:
1) a Fe ferrite/Fe austenite ratio of 1.0 corresponds to the nominal alloy composition
being identical to the ferrite composition, i.e., 1.0 corresponds to a fully ferritic
specimen with composition at the tie-line end point and 2) an alloy that has the same
composition as the austenite tie-line end point will have an Fe ferrite/ Fe austenite
ratio equal to that presented in Fig. 3.9. Therefore, to predict the iron composition
of ferrite, select the desired temperature and select the % iron in ferrite line that is
the same as the nominal Fe content of the alloy. This requires interpolation since
only 50, 60, 70 and 80 % iron in ferrrite trends are shown. The actual iron content of
the ferrite lies between the Fe ferrite/ Fe austenite ratio ¢f the nominal alloy and
and 1.0.

At high temperatures (>1300°C) and for low alloy stainless steels (>70% Fe), the
iron content of the ferrite is within 2% of the nominal alloy compostion. At lower
temperatures (<1200°C), the range of possible Fe contents in the ferrite is larger. The
temperatures at which the ferrite forms can be predicted by the effective quench
temperature [3.23]. This temperature corresponds to the temperature where equilibri-
um can no longer be maintained during solidification and is a function of the cooling
rate. The higher the cooling rate, the higher will be the effective quench temperature

since less time is availabie for diffusion.

Comparing the equilibrium ferrite composition at 1300°C with the measured
ferrite composition in the 59wt.% arc-cast buttons showed a good correlation, i.e., the
1300°C temperature appears to be close to the effective quench temperature for the
arc-cast condition. Welds, which cool at h‘ighcr rates, will have even higher effective
quench temperatures and the ratio of the iron content of the ferrite to the iron
content of the austenite that forms under these conditions will be even closer to

unity.
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Figure 3.9 Thermodynamic calculations of the ratio between the Fe content

of ferrite and the Fe content of austenite as a function of
temperature and iron content of the ferrite.
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For stainless steels containing 60% Fe or greater and having cffective quench

temperatures of 1300°C or greater, the Fe content of the ferrite can accurately be

estimated from the nominal alloy composition. Figure 3.9 shows that the range of

possible iron contents in the ferrite is small at high temperatures. For example, f=rrite

that forms from a typical 70wt.% Fe alloy at 1300°C has possible Fe contents that

range from 68.8% (0.983 x 70%) to 70.0%.

Therefore, by knowing the nominal alloy

composition and the effective quench temperature (which can be taken to be 1300°C

for castings and welds) the amount of iron in the ferrite can be predicted from Fig.

3.9. This information can then be used to calculate the saturation magnetization of

the ferrite using the relationship between o, and atomic % iron in the ferrite which

will be discussed in the following section.
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3.5 Verification and Application of the VSM Method

3.5.1 Ferrite Content of the Arc Cast Alloys

To verify the accuracy of the vibrating sample magnetometer method, the VSM
was compared with the Magne-Gage (MG) and quantitative television microscopy
(QTM). Each technique was used to measure the ferrite content on a series of
high-purity cast alloys and the results were compared. The composition of the cast
alloys is shown in Table 2.2 and the microstructure of the alloys is shown in Fig. 3.10.
Alloy 1 has no ferrite and the remaining alloys increase in ferrite content from Alloy
1 (0%) to Alloy 7 (32.1%). Results of this comparison are presented below and show
that the VSM is as accurate as the other ferrite determination methods. The saturation
magnetization of ferrite can also be used to ceavert the ferrite number, measured by
the Magne-Gage, directly into percent ferrite for a wide range of stainless steel

compositions.

Quantitative Metallography

The cast alloys were metallographically prepared for QTM analysis according to
reference 3.19 using a KOH electrolytic etch. The ferrite which is present in the
microstructure is the dark etching phase and because of the relatively coarse
microstructure of the castings, the QTM measurements were easily performed. Six
micrographs were analyzed from each alloy and the results are presented in Table 3.4.
The number of micrographs analyzed, n, and the standard deviation, s, of the
readings are indicated and the ferrite contents measured by this method are shown to

vary from 0 to 37.2 %.

Table 3.4 : QTM ferrite measurements

Cast n s Ferrite
Alloy (%)
1 0 - 0
2 6 0.74 5.35
3 6 2.7 11.0
4 6 1.9 14.2
5 6 2.1 22.8
6 6 29 324
7 6 5.1 37.2
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Figures a through f show the microstructures of the arc-cast alloys 2 through 7

Figure 3.10

respectively. The ferrite content increases from Alloy 2 (5%) to Alloy 7 (35%). The
primary mode of solidification changes from primary austenite to primary ferrite between

alloys 3 (b) and 4 (c) respectively.
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Vibrating Sample Magnetometer

The VSM measurements were made on three samples from each cast alloy. Each
specimen weighed approximately 50 mg and the room temperature magnetic properties
were measured to determine the saturation magnetization. The M-H curves for the
seven alloys are summarized in Fig.3.11. As the Cr/Ni ratio of the alloy is increased
from alloy ! to alloy 7, the spontaneous ferrite magnetization varies from 0 to 30
emu/g. The M-H behavior indicates that all of the alloys saturate at an applied
magnetic field of about 4 kOe. The initial M-H behavior of a fully ferritic specimen,

F, which has a saturation magnetization of 10} emu/g, is also shown on this figure

for comparison.
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Table 3.5 summarizes the saturation magnetization results and reports the average
of the three measurements for each alloy. The specific saturation magnetization of
ferrite in the castings was estimated from its composition so that the Mg data could be
converted into percent ferrite. To do this, the composition of the ferrite was
measured in.each alloy by electron microprobe analysis. These results are shown in
Table 2.5 and indicate that the ferrite composition is similar for each of the alloys.
The average ferrite composition is 35.5% Cr, 9.12% Ni and 55.4% Fe. Therefore, the
Cr/Ni ratio of the ferrite is significantly higher than the nominal alloy composition
but the Fe content of the ferrite is only slightly lower than the nominal alloy
composition. Using the measured fecrite com‘position, the saturation magnetization

was determined to be 93.6 emu/g (9,125 Gauss) as determined by equation 3.4.

Table 3.5 shows the percent ferrite in each of the alloys as calculated from the
saturation magnetization of the castings and the above value for o, The ferrite
contents are shown to range from O to 32.1 percent and these values compare

favorably to the quantitative metallographic measurements.

Table 3.5 : VSM measurements of o5 and ferrite.

Cast O (emu/g)
Alloy Ferrite
1 2 3 Avg. (%)

1 0.01 0.00 0.00 0 0
2 4.77 402 413 431 4.6
3 9.08 9.01 9.45 9.18 9.8
4 15.0 14.6 14.7 14.8 15.8
5 20.8 21.0 214 218 23.2
6 24.9 24.4 24.9 24.7 26.4
7 30.2 28.7 31.2 30.0 32.1
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Magne-Gage

Magne-Gage measuremenis were also made to determine the ferrite number, FN,
of the cast alloys. The ferrite number is defined by the force of attraction [3.8]
between the magnetic probe and the specimen. Higher ferrite numbers correspond to
higher ferrite contents, however, since the saturation magnetization is a function of
ferrite composition, the ferrite number does not uniquely define the amount of
ferrite in the specimen. Therefore, correlations between FN and ferrite content can
only be made for alloys of similar composition unless the ferrite composition can be

taken into account,

The effect of ferrite composition on the FN is oftentimes neglected. However,
the saturation magnetization of ferrite can easily be accounted for when converting
from FN to % ferrite. To do this, a relationship will be derived to predict the %
ferrite from the FN at a given ferrite composition. Then, for alloys that deviate from
this compﬁsition, the saturation magnetization effects can‘ be used to modify this

equation.

Kotecki [3.25] measured the FN and the extended ferrite number, EFN, for a
series of 15 cast alloys of CF8 and CF8M composition. The ferrite content of these
alloys varied from 0.2 to 48.6% as determined from a point counting technique. A
linear regression analysis on these data shows that the EFN can be related to the

percent ferrite as follows:

%F=0.7(EFN)+0.54 (3.6)

The iron content of each alloy was reported and has an average value of 66.8% with a
standard deviation of 2.1%. Therefore, ;sincc the composition of these alloys are
similar, the composition of the residual ferrite in each alloy can be assumed to be the
same. From Fig. 3.9, the iron content of the ferrite in the CF8M alloys will bc 98
percent of the iron content in the alloy based on an effective quench temperature of
1300°C. Using this ratio, the saturation magnetization of the ferrite in these alloys
was calculated using equation 3.5 to be 12,200 Gauss based on a Cr+Ni content of 100
%Fe.
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In order to convert from EFN to % ferrite for alloys that have a different
nominal composition, the EFN must be multiplied by the ratio of o, in the CF8 alloys

to o, in the all'oy being measured:

5
l“'209)+0.54 (3.7)

%F=0.7(EFN)(

F

where o, can be determined from equation 3.5. For ferrite contents less than about
30% (alloys 1-5), the FN can be directly measured with a Magne-Gage and substituted
for the EFN with no loss in accuracy. However, Alloys 6 and 7 contain more than

30% ferrite and the Magne-Gage was calibrated to directly measure the EFN.

The Fe content of the ferrite in the arc-cast buttons is lower than the iron
content in the CF8 alloys. Therefore, the saturation magnetization uf ferrite in the
arc-cast buttons is lower than that in CF8 alloys and was shown to be 9,125 Gauss.
Using this value of o,, the ferrite number was converted to % ferrite using equation
3.7 and the results are shown in Table 3.6. These results show that the ferrite content

measured by this method compares favorably to the other two techniques.

Table 3.6 : Magne-Gage measurements and calculated ferrite contents.

Cast WD Reading Ferrite
Alloy 1 2 3 Avg. FN (%)
1 109 110 110 110 0 0
2 90 90 89 90 49 4.5
3 76 76 73 75 8.3 8.0
4 52 49 51 51 14.4 13.5
5 14 13 12 13 23.6 21.8
6* 63 67 69 66.3 29.7 274
7° 26 28 24 26 39.6 36.5

* EFN measurements
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Comparison of the Three Methods

A summary of the results of the three measurement methods is plotted in Fig. 3.12
as % ferrite versus Cr/Ni ratio along the 59% Fe isopleth. The ferrite content appears
to increase linearly with increasing chromium content and there is a good correlation
between the average ferrite trend ard each of the three measurement techniques. The
deviation between the measurements is small at low ferrite contents but increases
with increasing ferrite content. Each technique measures ferrite contents that lie
above and below the average trend and it appears as though the three measurement
techniques are showing the same trend. Therefore, the differences in ferrite contents
between the techniques are most likely the result of the small population size used to

calculate the statistics.
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Figure 3.12 Comparison of the ferrite measurements made on the arc-cast
alloys by the vibrating sample magnetometer, Magne-Gage and
Quantitative Metallographic techniques.
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3.5.2 Extending the VSM Method to Commercial SST Alloys

Commercial stainless steel alloys contain alloying clements other than Fe, Ni or Cr
and the effect of the additional elements must be taken into account when calculating
the saturation mggnetization of ferrite. The most common additional elements are
Mn, Si, Mo, Nb, N, C, S, and P. These elements are not ferromagnetic and do not
contribute significant magnetic moment to the ferrite. Therefore, the iron content of
the ferrite is still the most important factor in determining o,. ‘

Equation 3.5 can be rewritten to predict o, in terms of atomic % Fe in the ferrite:

Q
-
1l

3.04(at.% Fe) - 71.0 [emu/g] (3.8a)

or,

o 296(at.% Fe) - 6,910 [Gauss] (3.8h)
Assuming that the alloying elements segregate to the ferrite and the austenite in equal
amounts during solidification, then the atomic % Fe in the ferrite can be predicted

from the atomic % Fe in the alloy using the methods in section 3.4.

Finally, the weight fraction ferrite can be calculated using equation 3.1. Only a
small percentage correction is required to convert from weight fraction ferrite to
volume fraction ferrite because the density of ferrite (7.77 g/cm3) is close to the

density of austenite (7.96 g/cm3), .
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3.6 Conclusions

1. The amount of ferrite in stainless steel alloys can be detcrmiﬁcd by
measuring the saturation magnetization of a small stainless steel specimen
with a vibrating sample magnetometer. This technique is not limited by
sample size and can be used to measure the ferrite content of rapidly

solidified stainless steel alloys.

2. The saturation magnetization of fuily ferritic specimens was experimentally
determined on a series of rapidly-solidified Fe-Ni-Cr alloys which had
compositions similar to that of residual ferrite in stainless steel alloys. The
results of these measurements can be used to predict the saturation

magnetization of residual ferrite from its composition.

3. Methods were presented to show how the compc;sition of ferrite can be
predicted from the nominal alloy composition using thermodynamic
calculations. In particular, a range of possible iron contents in the ferrite
can be estimated from the nominal alloy composition and the concept of the
effective quench temperature. By knowing the iron content of the ferrite,
its saturation magnetization can be used to calibrate the VSM to measure the

ferrite content of a wide range of stainless steel alloys.

4, The results of the saturation magnetization study can also be used as a basis
to calibrate the Magne-Gage for non-standard stainless steel alloys. By
considering the saturation magnetization of residual ferrite, the ferrite
number can be converted directly into % ferrite for a wide range of

nominal alloy compositions.
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CHAPTER 4

The Cooling Rate Of Electron Beam Surface Melts

Variations in cooling rate were produced by coatroiling the travel speed of
electron-becam surface melts. Each melt was made at a constant power level of 2 kW
and the travel spced ranged from 6.3 to 5000 mm/s. The cooling rate could not be
directly measured on the melts because they were too small to instrument with
thermocouples or to monitor. with optical temperature measurement devices.
Therefore, the cooling rate was estimated, rather than measured, using the following
techniques: 1) the dendrite arm spacing method, 2) an expression that was derived
from Rosenthal’s heat flow analysis for quasi-stationrary conditions and 3) a
numerical approach using the finite element method to calcqlatc the cooling rate and
temperature gradient at the melt interface. The heat flow calculations confirm the
dendrite arm spacing estimations of the cooling rate and show that the alloys

solidified at rates between 7°C/s and 8 x 106oC/s.

The cooling rate is an easy concept to define in single phase materials as it is
simply the change in temperature, a7, with respect to a change in time, 4t, at a given
point. However, during the solidification of an alloy the physical meaning of the
term cooling rate is not as easily defined. The presence of at least two phases at the
liquid-solid interface having different physical properties, the fact that the interface
is moving and releasing a latent heat of fusion, and the possibilitics of a non-planar
solidification front all contribute to the complexity of the temperature-time

relationship for a fixed point in space being overtaken by a liquid-solid interface.

In this chapter, two types of cooling rates will be discussed and will be assumed to
be equivalent measures of the solidification rate. The first method predicts the
cooling ratc by dendrite arm spacing measurements. This method represents an
'average’ cooling rate from the inception to completion of solidification. Here, 47, is
the change in temperature between the dendrite tip where solidification initiates and
the dendritc 'base’ where the last liquid solidifies. The change in time required to
produce this change in temperature is the time nesessary for the L/S interface to

move the distancc corresponding to the length of protrusion of the dendrite in front
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of the interface and is consequently related to the interface velocity. The second
method calculates the ’instantaneous’ cooling rate at a given point. This method can
be applied to the L/S interface to calculate the cooling rate at the solidification
temperature but neglects the details of the interface by assuming plane-front rather
than dendritic behavior. Here, the temperature gradient, G, and the interface
velocity, R, arc combined to represent the cooling rate during solidification. This

method will be discussed in detail in the following sections.

In welds and surface melts, the travel speed, S, is held constant but the velocity of
the L/S interface varies from zero to 2 maximum value of S on the melt interface.
Variations in the temperature gradient are also present around the surface of the
melt, therefore, neither the interface velocity nor the temperature gradient can be
uniquely specified by the welding parameters. Consequently, the cooling rate, ¢ , and
the dendrite arm spacing, 2 , vary throughout the cross section of the weld. This
chapter discusses methods that enable the cooling rate t(; be calculated and also

presents results to show the variations of G, R, ¢, and » within a given weld.
4.1 The Geometric Shape of Electron Beam Melts

The geometric shape of the molien zone influences the depth of penetration, the
width of the fusion zone and the cooling rate in the melt. These factors are of
essential importance to welding and surface modification applications and a study
was performed to determine the influence of electron beam parameters on the melt
pool shape. The results of this separate study are presented in Appendix G and werc
used to select the electron becam melting parameters used throughout this study. In
addition, by using dimensionless quantaties to represent the weld pool! shape, the
results of this study can be used to predict the width, depth and length of the

resclidified zone for a wide range of operating parameters.
4.2 Dendrite Arm Spacing Calculations

Two factors contribute to the dendrite arm spacing (DAS) [4.1]. Firstly, during
solidification, the dcndrites optimize their spacing to optimize both constitutional
supercooling and interfacial surface energy effects. The free energy associated with

constitutional supercooling is minimized by a small DAS while that of the surface
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energy interface is minimized by a large DAS. Therefore, the actual spacing is a
balance between these factors and each factor is influenced by the cooling rate.
Secondly, after the solidification spacing has bpeen established, coarsening of the
dendrite arms can occur as the melt cools. The driving force for coarsening is a
reduction in the total surface ene¢rgy [4.2] and only the highest order arms are
affected. For example, secondary arms, but not primary arms, will coarsen when
secondary arms are present, while primary arms (or cells) will coarsen when no

secondary arms are present.

Relationships between DAS and cooling rate (¢) have been developed and show
that a linear relationship exists between log DAS and log ¢ [4.1, 4.2). These relations

have the following form

A=a(e)™" (4.1)
where a and n are material-dependent constants and r» represents the dendrite arm
spacing. The cooling-rate exponent, n, is known to be close to 0.5 for primary
dendrite arms and varies betweer 0.25 and 0.33 for secondary dendrite arms [4.1].
The lower value for secondary arms is a result of coarsening. If secondz-» arms are

not present, the primary DAS may have an n value close to 0.3.

Microstructural examination of the electron-beam melts made ir this investigation
showed that the DAS was not uniform within the melt. Cross-sectional views of the
deep penetrating, slow speed melts (1,2,3) showed that the spacing was typically small
at the fusion line and increased towards the center line. Along the center line, there
was a slight deccrease in spacing at the top of the melt. Cross-sectional views of the
shallow penetrating, higher speed melts (4,5,6) showed that the DAS was small at the
fusion line and increased to a larger spacing within a few dendrite spacings of the
boundary. The DAS then remained apprbximatcly constant to the top of the melt.
Figurc 4.1 a and b compare the microstructure at the fusion line with that at the
center for melt 3, to illustrate the range of dendrite arm spacings observed within the

same inclt.

The DAS measurements show that the cooling rate is not constant throughout the
melt. The variation in DAS is approximately a factor of three, which corresponds to

a variation in cooling rate of approximately ten.
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Figure 4.1 Variations in the dendrite arm spacing. Figuresa and b compare the variation for a given
set of surface melting parameters (100mm/s), at the fusion boundary and at the center of
the melt respectively. Figures ¢ and d compare the largest dendrite arm spacings in the

casting with the smallest spacings in the highest speed melt.
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However, a large pbrccntage of the change in the DAS occurs close to the fusion line
and the majority of the melt solidifies with a cooling rate variation of only a factor

of five or less.

The DAS measurements were made in a location which is representative of the
average behavior of the melt and where the specimens would later be extracted for
ferrite content measurements (see section 2.3.2). The results of the dendrite arm
spacing measurements are listed in Table 4.1 where A, represent the primary dendrite
arm spacing for melts 1, 2 and the arc cast button, and cell spacings for melts 3, 4, 5
and 6. The secondary dendrite arm spacing is represented by 2, and was able to be
measured on the low speed melts that solidified in a dendritic mode. These data show
that the primary DAS decreases from a value of 42 um for the casting to 0.43 um for
the highest travel speed. These two microstructures are compared in Fig. 4.1 ¢ and d.

A plot of log » versus log S is shown in Fig 4.2 for the six melts, where S refers to
the travel speed. The best-[it lincar relationship between 4 and S has a slope of -0.49

and indicates the refinement in DAS with increasing travel specd.

Tablc 4.1 : Cooling rates calculated from primary and secondary dendrite

arm spacing measurements.

J Travel A Ay
Melt Speced X 5 € X 5 €
(mm/s) (pm) (i) (K /s) (um) {(um) (K /s)
cast - 42 39 -7.0 18.0 33 -3.2
1 6.3 10.5 | ) -4.7x102 4.7 .2 -3.9x102
2 25 6.6 1.8 -1.9x103 3.0 0.54 -1.9x103
3 100 3.2 09 -1.7x 104 - - -
4 500 1.1 0.4 -4.4x108 - - -
5 2,600 0.73 0.05 -1.5x108 - - -
6 5,000 0.43 0.07 -7.5x108 - - -
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Katayama et al. [4.5] experimentally determined values for the constant, a, and the
cooling rate exponent, n, for type 310 stainless steel. They give the foliowing

relationship between dendrite arm spacing and cooling rate :

A, =80(e)™ "™ (4.1a)

A,=25(e) %?® (4.1b)
These values were used to calculate the cooling rate based on equation 4.1 and should
apply to the alloys used in this investigation for two reasons. Firstly, type 310
stainless steel has a high alloy content and contains approximately 55 wt percent iron
which is close to the 58 wt percent iron of the alloys used in this study. Secondly, the
cooling rate exponent of 0.33 for the primary dendrite spacing suggests that the
structure has possibly coarsened during solidification. Coarsening of the primary
structure might also be expected in this study since the higher cooling rate melts

solidified in a cellular manner with no secondary arms.
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Figure 4.2 Primary and sccondary dendrite arm spacing as a funciion of
electron beam scan speed +/- one standard deviation error bars
are indicated.
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A plot of the cooling rate versus travel speed is shown in Fig 4.3 for the electron
becam melts and the casting. Since the travel speed could not be controlled for the
casting, an effective interface velocity of 0.7 mm/s was calculated using a DAS of 42
»m and an extrapollation of Fig 4.2. The primary DAS results predict a cooling rate
variation of over 6 orders in magnitude, from 7°C/s for the casting to 7.5 x 1060C/s
for the highest speed melt. The secondary DAS prediction of the cooling rate

confirms these values for the low cooling rate melts.

Cooling Rate (K/s)
5 8 8 8
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1p”! 10° 10’ 102 10° 10* 10%
E-B Scan Speed (mm/s)

Figure 43 Cooling rate, based on dendrite arm spacing measurements,
plotted versus the electron beam scan speed.
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4.3 Analytic Solution to the Heat Flow Equation

4.3.1 The Temperature Distribution Surrounding a Melt

The theory of heat flow due to a moving point source was first examined and
applied to welds by Rosenthal in 1946 [4.6]. Since then, other investigators have
analyzed the moving-source heat-flow problem. In 1965, Christensen et al. [4.7] solved
the problem using dimensionless variables which allowed a large spectrum of
situations and materials to be compared. In 1983, Eagar and Tsai [4.8] replaced the
point source assumption with a distributed heat source and solved the problem by a
numerical procedure. In this section, Rosenthal’s approach will be used to calculate
the temperature distribution in the solid plate since it allows an analytic solution to
be derived for the cooling rate. Experiments have shown that the isotherms in the
base metal wi. ich surround the heat source soon become constant in the moving frame
of reference. This condition is called quasi-stationary heat 'flow and the mathemati-
cal formulation used by Rosenthal incorporates this assumption. Several other

assumptions are required in order to derive the analytic solution :

1  The material properties are independent of temperature and the material is
considered homogeneous and isotropic.
2 The hcat source strength is constant and is concentrated at a point.

3  The travel speed is constant and there is no heat loss at the boundaries.

The equations are formulated with the heat source moving at travel speed S in the
positive x direction as indicated in Fig. 4.4. The heat flow equation is written for
quasi-stationary conditions in three dimensions with the source at the origin and by
replacing the x coordinate with ¢= x-vt to account for the moving source :

02T 92T 2°T oT
Al A . ,=—3(’£>(——) (4.2)
08% oy?® 9z2*° k J\o¢

The nomenclature used in this chapter is summarized in Table 4.2.

The solution to this differential equation assumes that the base plate is
secmi-infinitc and that the heat flow is three dimensional. Thesec conditions most
accurately approximate the high travel speed surface-melts because of their shallow

depth of penetration.
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The boundary condition for this assumption becomes (a7/2t) approaches 0 as i
approaches + =, where i = ¢, y and z and the heat flux approaches its maximum valuc
at the source ( -4nr’k(o7/0r) apprcaches Q as r approaches 0 ). The solution for the

temperature distribution in the solid then becomes [4.6] :

T -p=_9 S5 s
T-T,=6 SHET exp( 20l(r x)) (4.3)

where ¢ has been replaced by x in the exponential term and thus the temperaiure
distribution is assumed to be made in the moving frame of reference for an observer
situated at the origin. The form of equation 4.3 predicts a skewed temperature
distribution which has an infinite temperature at the source origin. The isotherms
are compressed ahead of the heat source and expanded behind the heat source and
their distribution is related to the material properties as well as the heat source
strength and travel speed. The size of the liquid melt po_ol is often estimated by

olving equation 4.3 for the locus of points which represent the melting temperature
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Figure 4.4 Coordinate system uscd to represent the electron becam surface
melts.
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of thé; alloy. This approach predicts a melt pool which is semi-circular in shape with
the dcpth being equal to one half the width. In rcal melts, this "ideal" shape is

altered by convection of the liquid in the melt pool.

Table 4.2 : Nomenclature used in chapter 4

Symbol ] Description MKS units
T,T.TL temperature, ambient, liquidus K
® =(T-T,) temperature rise K
8,=(TL.T) temperature rise K

‘ cooling rate K/s
t, At time, time increment s

A dendrite arm spacing um

2,N DAS constants . -

d electron beam diameter mm

v velocity of the L/S interface -

T radial coordinate mm
X,Y,Z orthogonal coordinates mm
Xm, Tm coordinates on melt isotherm mm

Xw value of x at max. melt width mm

Tw value of r at max. melt width mm
{=x-vt x-coordinatc transformation mm

S velocity of the heat source mm/s

n unit vector normal to weld pool -

{ unit vector in.-the x direction -

p density kg/m3

c heat capacity J/kg-K

k thermal conductivity W/m-K

k-’ effective thermal conductivity W/m-K

a thermal diffusivity m?2/e

Q rate of heat input J/s
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4.3.2 Derivation of an Analytic Expression for the Cooling Rate

Equation 4.3 represents the instantaneous temperature distribution in the plate
with the source at the origin. At the next instant in time, the temperature at each
point in the plate changes because the source has moved an amount vat. This change
in temperature causes a cooling or a heating effect at each point in the plate. For a
given material and heat source strength, the cooling rate is therefore dependent on
how rapidly the source moves across the surface of the plate. In Appendix A, an
analytic expression is derived which represents the cooling rate at any point in the
plate. This expression is described in the following paragraphs and is used to

calculate the cooling ratec at the L/S interface.

The cooling rate at any point in the base metal is deflined as the change in
temperature with respect to time and is dimensionally equivalent to the product of a
temperature gradient and a veclocity. For the heat source moving in the positive x

direction at a constant speed, S, the cooling rate at a given point becomes :

dT - dT
—=-VYT -v=-5— : 4.4
dt T dax ( )

Therefore, the cooling rate can be calculated as the product of the temperature
gradient in the x direction and the travel speed.

Starting with the equation which represents the temperature distribution in the
plate, eq. 4.3, an expression for the cooling rate can be derived which is valid at any

point in the base plate :

20 2 - 2ax '
0 o[ L)1 .X 20N (4.5a)
ot 2a rur?

where ¢ is defined as the local temperature rise and v represents the velocity of the

L/S interface. However, to make correlations with the dendrite arm spacing
measurements, only the cooling rate at the liquid/solid inteiface is of interest. The
temperaturc at the interface is defined by the liquidus temperature of the alloy, Tp,
and at this location, 6, r and x are replaced by 6y, r, and x,, respectively. The

expression for the cooling rate in the solid at the liquid solid interface is therefore :

200 0 U2 ] X m 2(1.\'," (4 51
— = - + — + - oD
atlT-T‘ m 2a ron Ur,zn )
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Application of equation 4.5b to a general weld requires knowledge about the physical

properties of the alloy (Ty, a), the travel speed, and the weld pool shape (xm, rm).

Equation 4.5b can be simplified to represent the cooling rate at one specific
location on the weld pool. This location corresponds to the top back center of the
weld pool, i.e.,, z=0,y =0, and x = x,. Since the radial coordinate is always positive
and x is always negative on the trailing edge of the weld pool, r,, = -x, at this
location and equation 4.5b reduces to the following expression :

20 -56,

M 4.6
ot X m ( )

wherc v has been replaced by S since the velocity of the L/S interface can be assumed
to be equal to the travel speed at this location. Therefore, the cooling rate at the
trailing tip of the weld pool can be calculated from the melting temperature of the
alloy, the travel speed and the length of the weld pool. Equation 4.6 represents the
maximum cooling ratec on the liquid/solid surface and can be used as an easy method

to calculate the upper bound for the cooling rate in a weld.

4.3.3 Estimating the Cooling Rate in the Liquid Pool

The cocling rate equations derived in the previous section are based on a heat
conduction model which is strictly valid only in the solid metal. Convective effects
within the molten melt pool can not be incorporated into a simple analytic heat flow
model and thercfore, the temperature distribution in the bulk of the melt pool can not
be .'casily calculated. However, since the melt pool is assumed to be quasi-stationary,
th'crc'is continuity of heat flow across the liquid/solid interface. Therefore, the
temperature gradient in the liquid, at the liquid/solid interface, is related to the

temperature gradient in the solid by their respective thermal conductivities :

70,=—90 (4.7)

where the subscripts L and s refer to liquid and solid respectively and «°, refers to the

effective thermal conductivity of the liquid.
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Equation 4.7 is only valid at the liquid solid interface and close to this interface, a
solute boundary layer develops which is only a few dendrite arm spacings in length.
This boundary layer can be approximated by the ratio of the thermal diffusivity of
the liquid to the travel speed [4.9] and Table 4.3 indicates that the boundary layer is a
small percentage of size of the weld pool. Since the solidification characteristics are
determined by this boundary layer, and since this boundary layer is close to the
liquid/solid interface, equation 4.7 can be used to predict the tempcrature gradient in
the liquid for the purpose of estimating the solidification related behavior that occurs
on a microscopic scale at the dendrite tip. However, equation 4.7 can not be used to
represent the cooling rate {ar from the interface because of the fluid flow within the

weld.

Table 4.3 : P 6 and ', for the six electron beam melts,

Travel ~Fluid
Melt Speed Velocity L P, 6 k™ / ks
(mm/s) (mm/s) (mm) (AO)
| top 6.3 1,500 2.0 1,320 1,590 2.5
root 6.3 375 0.5 80 1,590 1.5
2 top 25 750 0.75 250 400 2.0
root 25 388 0.25 47 400 1.0
3 100 450 0.6 162 100 1.0
4 500 150 0.2 12 20 0.5
5 2,000 23 0.03 0.28 5 0.5
¢ 5,000 6 0.008 0.024 2 0.5

Py = Lu/ap, o = 2.2 (mm?/s)
6=Dy/V, Dg = 1x10-3(mm2/s)
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The effective thermal conductivity of the liquid depends on the ratio of the
ability of the fluid to transfer heat by convection to that by conduction. This ratio is

defined by the dimensionless thermal Peclet number, Py :

P

_Lu
Pi==

(4.8)
where u is the fluid velocity, L is the distance from the solid interface, and « is the
thermal diffusivity. For small Peclet numbers, conduction will be more important
than convection and for these conditions, «f = k;, and is appproximately equal to kg/2
{4.10). For large Peclet numbers, convection will be more important than conduction
and & will incrcase with P;. Mecasurements of &y, for high Peclet numbers are
difficult to makec and are not available. Estimations of k' for liquid steels would
suggest however that 7, is 3 to 5 times higher than kj, [4.10]. The estimated Peclet
number, liquid diffusion boundary layer thickness and effective thermal conductivity
of the liquid are shown in Table 4.3 for the six travel speeds used in this

investigation.

Estimations of the fluid velocity were madc¢ by assuming Marangoni driven flow
to be a maximum in melt No.l with a magnitude of about 1.5 m/s [4.10]. This value
was assumed to decrease in proportion to L as the travel speed increased and P, was
calculated from the estimated fluid velocity. Py was then used to estimate the

effective thermal conductivity in the liquid.

Combining equations 4.5 and 4.7 gives an expression for the cooling rate in the

liquid at the melt isotherm :

(ao) | k,(6,S o Xm, 3%, (4.9)
— o= ‘o D) — 4.6
ot ), T k'lk 2a rm Sr?

For the highest cooling rate portion of the liquid, at the top back center of the melt
pool x = x, ¥y = 0, and z = 0, equation 4.9 simplifies to the following :

(ao) I =_lgi(élg\ (4.10)

Z , T=T7, k‘l_ X, }

The physical properties for typical austenitic stainless stecls are listed in Table
4.4 and indicate that the ratio of thermal conductivities between the solid and the

liquid is a factor of 2. The average length of the melts (x;,,) was measured (scc
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section 2.2.2) and is listed in Table 4.4. With the above values, and assuming the
ambient temperature to be 25°C, the maximum cooling rate in the melts was
calculated using equation 4.10. The results of these calculations are summarized in
Table 4.5 and predict cooli. s rates between 6.6x102 and 2.6x107 oC/s. A comparison

of these data with the DAS predictions is presented in section 4.4.

Table 4.4 : Physical properties for stainless steel

Material Value
Property
kq 18 (W/m-k)
Cs : 500 (J/kg-k)
ps 7,900 (kg/m3)
a, 4.6 x 10-6 (m2/s)
kL ~1/2 k,
cL ~Cs
P TP
a, 1/72(a,)
TL 1440°C

Table 4.5 : Maximum cooling rate in the liquid at the L/S interfacc.

Melt S € max.

(mm/s) (K/s)
] 6.3 -6.6x102
2 25 -3.1x108
3 100 -2.8x104
4 500 -7.1x106
5 2,000 -7.1x106
6 5,000 -2.6x107
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4.4 Finite Element Model

A three-dimensional, finite element method (FEM) model was developed to
calculate the temperature distribution in the solid surrounding the molten zone. This
data was then used to calcualte the cooling rate in the melt at the liquid/solid
interface. The FEM model utilizes the three-dimensional shape of the melt pool as a
Dirichlet boundary conditon to solve the heat equation. Therefore, it can only be
applied to specific melts, once the melt pool shapes as been determined by post-melt
metallographic analysis. Results from this model were used to confirm the cooling
rates which were predicted by dendrite arm spacing measurements on several specific
melts. The FEM program also gave information about the temperature gradient at the
liquid/solid interface as well as showing the distribution of cooling rates and

temperature gradicents around the surface of the L/S interface.

4.4.1 Assumptions and Boundary Conditions

The model is formulated by assuming quasi-stationary welding conditions which
imply that the weld pool shape does not vary with time. The base metal plate is
assumed large compared to the weld, which is a realistic assumption for the high
travel spced welds. This assumption allows the problem to be solved by treating the
plate edges to be insulated and at a constant (ambiznt) temperature. Radiation heat
loss from the top surface of the plate is assumed to be small and the material
properties, Table 4.4, are assumed to be independent of temperature. The problem
therefore becomes one of heat conduction, where the heat from the source is
distributed into the solid base metal plate through the irregularly shaped liquid/solid
interfacial surface of the weld pool. The program uses an ellipsoidal weld pool shape
assumption which is reasonable for shallow penetrating welds but can not be used to

represent deep penctrating welds because of their keyhole appearance.

The FEM program requires a three-dimensional mesh to represent the base metal
platc and the weld pool. Symmetry allows the calculations to be made on one-half of
the plate which simplifies the calculations. Figurec 4.5a shows the dimensions cf the

base plate, the location of the weld pool and the coordinate system which was used
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for the calculations. Figure 4.5b shows a typical mesh [4.11] which has 1,398 nodal
points in the plate, 67 of which are on the liquid/solid bbundary, and the entire plate

contains 6840 tetrahedral elements.

The FEM code was developed at MIT [4.12] and the data which is input to the
program consists of the three-dimensional mesh, the weld travel speed and the
material properties. The FEM program solves an ’inverse’ heat flow problem to

calcuiate the temperature distribution which is required to maintain the weld pool
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Figure 4.5 a) Dimensions of the base plate and b) finite element mesh of an
electron beam melt used to calculate cooling rz ;s and tempera-
ture gradients at the melt pool boundary.
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boundary at its liquidus temperature. From this temperature distribution, the
program calculates the temperature gradient in the solid, 97, in a direction which is
norma!l to the liquid/solid interface for each nodal point on the weld boundary. The
product of this temperature gradient and the velocity of the weld boundary gives the

cooling rate at the boundary in the solid :

€,=-VT-v=—|VT |v(i*n) (4.11)
where the unit vector » is normal to the liquid/solid interface and the unit vector i is

in the positive x direction. The cooling rate in the liquid can bes calculated by the

ratio of the thermal conductivities as discussed in the preceeding section :

s

k-

€, -

9T |u(i-R) (4.12)
L

The output from the program consists of the temperature gradient and the cooling
rate at each of the nodal points on the weld isotherm. The typical mesh contained

between 30 and 40 points on the solidifying portion of the weld pool.

4.4.2 Temperature Gradient and Cooling Rate Calculations

The intent of the FEM program was to calculate the cooling rate of the electron
beam melts examined in this study. Howcﬁer, the non-uniform cross sectional shapes
of the low speed melts and the highly elongated shapss of the high speed melts did
not allow the six electron beam melts to be easily modeled. Therefore, two
additional melts were made on 304 stainless steel to determine the distribution and
magnitude of the cooling rates and temperature gradients for typical electron beam
melts. Table 4.6 lists the eclectron beam paramecters that were selected to produce
ellipsoidal shaped melt-pools that could be modeled. The dimensions of the wecld
pools, as determined by metallographic analysis are also reported in this Table. These
data and the physical property data from Table 4.3 were input to the FEM program to
calculate the temperature gradient in the solid, T, the cosine between the normal to
the melt pool and the travel speed direction, N, and the cooling rate in the liquid, ¢,
at each boundary nodal point on the solidifying half of the melt pool. The results
of the calculations are listed in Tables B.l and B.2 in Appendix B for the cooling rate

and temperature gradient at the liquid/solid interface.
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Table 4.6 : Welding parameters, physical dimensions and mesh properties

for the two welds to be studied by FEM analysis.

Parameter Melt A Melt B
speed (mm/s) 64 254
current (mA) 3.0 3.0
voltage (kV) 100 100
length (mm) 1.29 1.52
depth (mm) 1.19 0.58
width (mm) 2.39 1.17

Cooling Rates

Figure 4.6a and 4.7a show °'topographical’ projections of the cooling rate in the
liquid at the liquid/solid interface on to the x = O cross-section of each melt. The
cooling rate in the liquid was calculated from the cooling rate in the solid using
equation 4.11 while the data outside the melt pool was ignored. Constant cooling rate
contours are plottéd through the data and ‘it is clear that the cooling rate increases
from 0 on the melt periphery to a maximum at the top center of the melt. The
contours represent the general cllipsoidal shape of the melt and one can see that there
are no sudden changes in the cooling rate throughout the cross section. An
orthographic representation of the cooling rate in three dimensions is also shown in
Appendix B and is an effective means of illustrating the distribution of cooling rates
around the melt pool interface. The influence of travel speed on the cooling rate can
be determined by comparing the melts made at 6.4 mm/s and 254 mm/s. This
fourfold increase in the travel speced produces a tenfold increase in the cooling rate

and reduces the size of the molten zone by a factor of about two.

To show that the cooling rate approaches zero on the melt periphery, the location
of the melt periphery must be mathematically determined and then inserted into

equatior 4.8. Figure 4.4 illustrates the location where the pool achieves its maximum
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width, xy, on the melt pool surface. This point is located at a distance behind the
center of the heat source. The melt pool periphery is defined by curve which maps xy

as a function of z and an expression for x,, is derived in Appendix A and shows:

-vr?
X, = (4.13)
vr,+2a

where ry, is defined as the radius at the maximum width :

Q exp( "V ) (4.14)

r = e——
Y 2nke, ur,+2a

In order to detecrmine xy, equation 4.14 must be solved for ry by a trial and error
method and then this value can be used to calculate x, from equation 4.13. By
substituting the calculated values of x, into equation 4.8, it can be shown that the
cooling rate approaches zero on the melt periphery.

Therc is ample mectallographic evidence to show that slow cboling rates occur in
the region close to the melt periphery. Figure 4.12 shows the microstructure of a
typical melt and at the melt boundary, a planar growth region of only a few dendrite
arm spacings wide exists; cells or dendrites form throughout the remainder of the
melt. Planar growth is the result of low interface velocities which stabilize the

liquid/solid interface and consequently are associated with low cooling rates.

Temperature Gradients

Temperature gradient calculations are also listed in Tables B.1 and B.2 in the
Appendix B. Figures 4.6b and 4.7b show the ’topographical’ plots of the temperaturc
gradient calculations for the 6.4 mm/s and 25.4 mm/s melts respectively. These data
represent the cooling rate in the solid at the L/S interface and are projected on to the
x=0 cross section of the melt. These rcsult.s show that T, does not vary as much as the
cooling rate around the surface of the melt and also show that the temperature -
gradient is not influenced as much as the cooling rate with changes in the travel
speed. For example, Ty varies by no more than 30% from its maximum value
throughout the cross section of each melt and the four-fold increase in travel speed
only produces a threce-fold increase in T, Orthographic representations of T, arc

shown in Appendix B. It is clear from these figures that at the lower travel speed, T,
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is nearly invariant across the L/S interface while at the higher travel speed, the
locations of maximum’ melt depth, length and width become locations of local

maximums in T,.

The relatively constant nature of the temperature gradient was éxpcctcd since the
melt isotherm defines an isothermal boundary and the temperature gradients which
develop in the substrate at the L/S interface depend primarilly on the geometrical
shape of the melt. Locations of small radius of curvature allow for more divergence
of heat flow and are associath with higher temperature gradients but since the shape
of the 6.4 mm/s and 25.4 mm/s melts are ellipsoids with L~D~W, this factor is not 4s
pronounced as it might be in deep penetrating electron beam welds that have a
keyhole shape in cross section. Divergence of heat at the points of small radius of
curvature does explain why the highest values of T, are found close to the maximum
melt depth, width and length locations. At these points, the radius of curvature is
smaller than at the other points on the surface of the melt pool. The variation in
temperature gradient was shown to be more extreme for the higher speed melt which
can be explained by thé smaller shape of the higher speed melt, leading to smaller

radii of curvature.

Cooling Rate (K/s)

-0.06 - 0.00
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- 1 1 1 1 1 1 1 1 1 1 1 _006
0'0-60.06 -0.04 -0.02 0.00 0.02 0.04

Figure 4.6 FEM calculations of a) the cooling rate and b) (see next page) t.hc
temperature gradient in the 6.4 mm/s electron beam melt. Spatial
coordinates are in inches.
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Figure 4.7

FEM calculations of a) the cooling rate and b) the temperature
gradient in the 25.4 mm/s electron beam melt. Spatial coordinates
are in inches.
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4.5 Comparison of the Models and Summary

The major purpose of the heat flow modeling was to provide evidence to support
the use of dendrite arm spacing measurements to estimate the cooling rate of the the
electron beam melts. Comparisons of the different techniques showed that they
agreed with each other to better than a factor of five throughout the cross section of
the melt. This corrrelation was considered to be good considering the empirical
nature of the DAS estimations and the various approximations that were made in the
heat flow models. '.

Figure 4.8 indicates 5 nodal points along the center line of the 25.4 mm/s melt on
304 stainless steel were the cooling rate calculation techniques were applied to
directly compare the three methods. The results listed in Table 4.7 show that the FEM
modecl and DAS estimations of the cooling rate agree reasonably well with each other
throughout the melt, however, the FEM program appears to give higher cooling rates

in general,

Table 4.7 : Comparison of the FEM and DAS estimations of the cooling

rate in the liquid at the five points indicated in Fig. 4.7.

e (K/s)
Point 4 T,

(mm) (K/mm) FEM DAS Analytic
1 0 2.4x108 -6.1x104 -2.4x104 -4.0x104
2 -1.2 2.1x108 -4.1x104 -1.2x104 -
3 -3.5 1.9x103 -3.2x104 -2.5x104 -
4 -4.3 2.1x103 -2.4x104 -5.8x104 -
5 -5.8 2.4x1083 0 0 0

This disparity is most likely a result of the melt pocl being modcled by an
"ellipsoidal" shape which typically overestimates the solidification front velocity, and
consequently overestimaces the cooling rate at the top central portion of the melt pool.
The analytic expression presented in equation 4.9 was also applied to this melt. Since
this approach predicts the maximum cooling rate in the meit, it should provide an

upper bound for the other estimations. Table 4.7 shows that the analytic expression
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predicts a cooling rate that is about twice as high as the dendrite arm spacings
estimations and again, the FEM model gives high values of the cooling rate at the top
center of the melt for the reasons stated above.

The cooling rate versus travel speed relationship for the six electron beam melts is
shown in Fig. 4.5. In this plot, the results of the analytic expression are compared
with the results from the dendrite arm spacing measurements. The analytic
expression always predicts a higher cooloing rate thain the DAS measurements by
about a factor of 2.5 and in general, there is good agreement between the two

techniques.

< A

Analytic

DAS

FEM ' Nodes'

1z

Figure 4.8 Schematic cross section of a resolidified zone indicating t-hc
locations where the analytic expression, FEM model and dendrite
arm spacing measurements apply.
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Figure 4.9 Comparison of the maximum cooling rate predicted by the
analytic equation with the average cooling rate predicted by
dendrite arm spacing measurements for the 6 E-B melts.
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4.6 Conclusions

1. Dendrite arm spacing estimations of the cooling rate show that the arc
cast button solidified at 7°C/s and that the six electron-beam melts
solidified at rates which varied between 4.7x102 oC/s and 7.5x108 °C/s.

- These measurements are supported by the cooling rate calculations.

2. An analytic expression, eq. 4.5b, was derived to represent the cooling rate
in the solid at any location on the surface of the weld. This expression
can be simplified to represent the maximum cooling rate in the weld (eq.
4.6) and requires only the length of the weld, the travel speed and the
melting temperaturc of the alloy to be known. Similar expressions arc
derived (eq. 4.9 and eq. 4.10) to estimate the cooling rate in the liquid at

the L/S interface.

3. The DAS measurements and the FEM calculations show that there is a
variation in cooling rate within a given weld. The majority of the
variation occurs close to the melt periphery and the remainder of the

weld cools within a factor of about five.

4, Heat flow calculations showed that the highest cooling rate occurs at the
top center of the weld pool while the lowest cooling rate occurs at the
melt periphery. On the melt periphery, the cboling rate is zero but rapidly
increases within a few dendrite arm spacings of the boundary. Metallo-

graphic observations of the microstructure confirm these calculations.

5. The FEM calculations showed that the temperature gradient varied only
about 30% around the surface of the melt. These calculations also showed
that the temperature gradient increases by a factor of 2 to 3 for a

fourfold increase in travel speed.
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'CHAPTER 5

The Influence Of Cooling Rate On The Primary Mode
Of Solidification And Microsiructural Morphology

Surface melting allows resolidification to take place while the liquid is in contact
with its solid substrate. The primary phase whicfx solidifies is therefore limited to a
phase that is initially present in the base metal since epitaxial growth, rather than
nucleation of new phases, occurs under these conditions [5.1,5.2]. Exceptions to
epitaxial growth during resolidification have been observed in alloys with high
glass-forming tendencies that have been solidified at high rates [5.2,5.3], but this docs

not appear to be the case in the Fe-Ni-Cr ternary system.

The first section of this chapter investigates the influence of cooling rate and
composition on the primary solidification mode (PSM) through microstructural
observations of the electron beam melts. In duplex stainless steels, -since both
austenite and ferrite are present in the microstructure, either phase can grow
epitaxially from the substrate. Therefore, the primary solidification mode is not
governed by nucleation but instead, by the growth kinetics of the two phases. At the
melt periphery, the two phases initially compete, however, one phase dominates to
become the primary solid phase and its growth kinetics depend on thc nominal alloy

composition and the cooling rate.

The second section of this chapter investigates the microstructural morphologies
that develop from each PSM. The morphology of the residual ferrite is largely a result
of the ferritec to austenite solid-state transformation. However, the PSM establishes
the microstructure prior to the transformation and plays an equally important role in
developing the resulting microstructure. The principal factors responsible for the
ferritc to austenite transform=tion are 1) the availability of sites for nucleation and
growth of austenite which are determined by the solidification conditions, 2) the
thermodynamic stability of the ferrite which is determined by its composition and 3)
the time-tempecraturc relationship for the ferrite to austenite phase transformation
which is dctermined by the cooling rate of the melt. This chapter investigates each of

these factors, qualitatively, through the microstructural examination of the E-B melts.
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5.1 The Primary Mode of Solidification

Observations of the solidification behavior of stainless steels indicate that
austenite forms as the primary phase at low Cr/Ni ratios and ferrite forms as the
primary phase at high Cr/Ni ratios. At low cooling rates (<103eC/s), the transition in
solidification behavior occurs at a Cr/Ni ratio of approximately 1.5 [5.4,5.5], and the
morphology of the primary phase is typically dendritic with well defined secondary
arms. However, at high cooling rates (>104°C/s), the transition in the primary
solidification mode occurs at higher Cr/Ni ratios. Alloys with Cr/Ni ratios
approaching 2.0 have been observed to solidify entirely as austenite in laser beam
welds [5.6,5.7), and they solidify in a cellular rather than a dendritic mode. Other
investigators have observed a change in the solidification mode from primary ferrite
to primary austenite with increasing cooling rate in welds [5.6-5.9] as well. The
inverse behavior, in which the solidification mode changes from primary austenite at
low cooling rates to primary ferrite at high cooling rates has not been observed in
wclds but has been observed in rapidly solidified powders which achieve large

thermal undercoolings [5.10]).

In this study, the seven Fe-Ni-Cr ternary alloys were surface melted and
resolidified at cooling rates between 7 and 7.5x106°C/s. The microstructures of thesc
alloys were studied using optical and eclectron-optical techniques with spccific
attention being given to the growth of phases from the melt periphery and to
competitive growth within the surface melt. These metallographic observations were
used to develop a cooling rate versus composition map showing the different regions
of solidification behavior and this diagram can be used to predict the PSM for a wide

range of cooling rates and nominal alloy compositions.

5.1.1 Results of the Solidification Experiments

5.1.1.1 Characterizing the Primary Mode of Solidification

The primary mode of solidification was determined by optical examination of
metallographic specimens. The polishing and etching techniques are presented in

Chapter 2 and this section describes the microstructural features which are associated
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with the primary modes of solidification: (A) single phase austenite, (AF) primary
austenite with second phase ferrite, (E) eutectic ferrite and eutectic austenite, (FA)

primary ferrite with second phase austenite and (F) singie phase ferrite.

Single phase austenite and single phase ferrite solidification modes are easily
characterized and distinguished from each other. Single phase austenite solidification
is shown in Fig. 5.1 a and b. This mode is dendritic at low cooling rates and cellular
at high cooling rates. At both low and high cooling rates, compositional variations
‘causcd by microsegregation at the cell boundaries outlines the usually six-sided
austenite cells by etching darker than the interior of the cells. Figure 5.1b shows that
the austenite cell boundaries typically etch as darkly as the grain boundaries and the
overall appearance of the microstructure is a regular array of cells appearing as a
mesh. Perpendicular to the axis of the cells, the boundaries appear as hexagonal
shapes. When viewed at an angle to their axes, the hexagonal shapes become

elongated and, in the limit, che cells appear as long parallel laths.

Single phase ferrite solidification is easily detected at high cooling rates when no
‘solid state transformation to austenite has occurred. This microstructure is shown in
Fig. 5.2a and illustrates that the ferrite grain boundaries outlinc the microstructure.
The solidification substructure is difficult to eich and, in general, is cellular at high
cooling rates and vaguely cellular-dendritic at low cooling rates. The cellular-dendrit-
ic microstructure is iInterrupted by what appears to be sub-grain boundaries
throughout the grains. The origin of these non-regular shaped boundariecs has not
been investigated. At intermediate and low cooling rates, the ferritc undergoes a
partial solid state transformation to austenite and is easily characterized by the
presence of Widmanstatten austenitc which nucleates and grows from the grain
boundaries. Figures 5.2 b, ¢, and d show the microstructures formed by fully ferritic

solidification, followed by differing amounts of solid state transformation

The primary austenite with second phase ferritc (AF) and primary ferritc with
second phase austenite (FA) modes are easily characterized when the alloy solidifics
with a large volume fraction of the primary phase. However, distinguishing between
these modes can be difficult when the amount of the second phase is high. The
difficulty arises becausc the primary ferrite dendrites can partially transform to

austenite as the weld cools, leaving a vermicular microstructure. This microstructure
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is easily confused with the second-phase ferrite that forms during primary austenitc
solidification and both microstructures have a similar appearance to the ecutectic
microstructure. Thesec modes of solidification can often be discriminated by careful
metallographic examination to determine if the ferrite is present at the cell walls or
at thc cell cores. Otherwise, the microchemical gradicents across the ferrite dendrites
must be determined by electron microprobe analysis or by scanning transmissicn

clectron microscopy [5.11].

A primary austenite solidified alloy with a small amount of second phase ferrite
is shown in Fig. 5.lc at low cooling rates and 5.1d at high cooling rates. The
microstructure is very much like that of single phase austenite except that ferrite
particles are present at the cell boundary triple points and cell walls. Some solid state
transformation has occurred, leaving isolated spheres of ferrite at the cell or dendrite

walls.

Figure 5.3 shows the microstructure of alloys that have solidified with a large
fraction of ferritc and only a small fraction of second phase austenite. The ferrite
has gone through a significant amount of solid state transformation from growth of
austcnite at the dendrite walls. These microstructures will be discussed later and are

casily characterized as being formed from the FA solidification mode.

Figurc 54a and 5.4b compare AF and FA solidification modes when large
amounts of the second phase are present. It is obvious that the ferrite is restricted to
the ccll walls in the AF mode, Fig. 5.4a, but it is more difficult to characterize thc
ferrite at the cell cores in the FA mode. The cell walls are more difficult to locate in
the FA mode, Fig. 5.4b, which is often a sign of primary ferrite solidification because
the ferrite prefercntially etches and the cell walls, which are located in the austenite,
do not etch. A conscquence of the less prominent cell walls is that the FA
microstructure has a more random appearance than the AF solidification mode,

particularly at low magnifications.

Alloys that solidify with a volume fraction of the second phase closc to 50% can
exhibit AF, FA and E modes of solidification. Under these conditions, it ‘s possible
for the primary modc to change within a given melt. An example of this transition is
shown in Fig. 5.5a. The alloy is solidifying in an AF mode on the left hand side of

the micrograph and in an FA mode on the right hand side of the micrograph. The
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transition takes place approximately at the center of the micrograph, where ferrite at
the cell wall becomes ferrite at the cell cores. Similar transitions can be made to and
from eutectic solidification and oftentimes it is difficult, if not impossible, to

distinguish between these microstructures.

Figure 5.5b shows the appearance of the eutectic microstructure formed in Alloy
4 which is a result of simultaneous growth of ferrite and austenite from the liquid.
This microstructure forms most readily in alloys with compositions near the line of
two-fold saturation but may also be present in small amounts in primary phase
austenite or ferrite solidified alloys. The relative amounts of ferrite and austenite
that form during eutectic solidification will later be shown to be about 40% and 60%
respectively. This condition should lead to a lamellar microstructure, however, a
lamellar-type microstructure is not frequently observed. There are two possible
reasons for this behavior. A first possibility is that the lamellar microstructure forms
during solidification but due to the solid state transformation of ferrite, the final
microstructure has been significantly altered. A second possibility is that solidifica-
tion leads to a divorced eutectic or a rod-type eutectic microstructure. A divorced
eutectic seems reasonable, particularly at moderately high cooling rates where the
secondary dendritic arm spacing is small and prevents the formation of lamellar
eutectic. This microstructure would be similar to the intercellular ferrite and
intercellular austenite morphologies that solidify with a high volume fraction of the

second phase.

The results of the microstructural examination of the alloys used in this
investigation showed that the PSM can be determined through optical metallographic
examination. For the most part, the PSM is easily characterized for alloy
compositions that solidify with a large volume fraction of the primary phase.
However, alloys that have compositions close to the line of two-fold saturation can be
difficult to characterize and may be combinations of intercellular ferrite, intercellu-

lar austenite or the eutectic modes of solidification.
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Figure 5.1 Primary austenite solidification mode microstructures. a) Single phase austenite den-
drites, b) single phase austenite cells, ¢) interdendritic ferrite and d) intercellular ferrite.
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Figure 5.2  Single phase ferrite solidification microstructures. a) Single phase ferrite with no
solid-state transformation, b) initial growth of Widmanstatten austenite platelets, ¢) grain
boundary allotriomorphs and Widmanstatten platelets and d) the planar surface of the
Widmanstatten platelets.
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Figure 5.3 Primary ferrite solidification mode microstructures. a)Ferrite located at the cell cores in
the intercellular austenite solidification mode, b) vermicular microstructure of ferrite
dendrites, c¢) lacy ferrite and d) blocky austenite.
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Figure 5.4 Comparison of the microstructures formed by a) primary austenite with

second-phase ferrite and b) primary ferrite with second-phase austenite,

at equal levels of residual ferrite.



Figure 5.5 a) Transition from the AF mode of solidification in the center of
micrograph to the FA mode of solidification on the rhs of the micrograph.
Alloy 4, 6.3 mm/s. b) Fine spacing of ferrite platelets formed during the
solid state transformation of ferrite. Alloy 5, 100 mm/s.
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5.1.1.2 Mapping the PSM as a Function of Cooling Rate and Composition

The sevcr; alloys, containing 59% Fe and varying Cr/Ni ratios (Table 2.1), were
cast and surface melted at six different travel speeds (Table 4.1). These forty-nine
specimens were analyzed by optical microscopy to determine the primary mode of
solidification. Some of the surface melts showed more than one mode of
solidification because of inherent variations in the cooling rate within a given melt.
For these cases, the predominant mode was denoted by the one which was responsible

for more than 50% of the microstructure.

Table 5.1 summarizes the general behavior of the seven alloys. Alloys 1, 2 and 3
solidify in primary austenitic modes for all cooling rates while Alloys 5, 6 and 7
solidify in primary ferrite modes for all cooling rates. Alloy 4 changes its mode of
selidification from predominantly primary ferrite at low cooling rates to entirely

primary austenite at high cooling rates.

Figure 5.6 plots four PSM regions as a function of cooling rate and composition.
Since the eutectic mode was difficult to characterize and can be present with the FA
and AF modes of solidification, it was not given a unique distinction on this diagram.
The scan speed is plotted on the ordinate and the composition is plotted on the
abscissa but both axes required minor corrections prior to plotting. Firstly, each of
the alloys contained approximately 59% Fe but varied « 0.5% from the initial aim
composition. Therefore, to plot the alloys on a common composition plane in the
Fe-Ni-Cr system, a small adjustment was made to the Fe content to bring them to the
59% Fe isopleth while at the same time maintaining their measured Cr/Ni ratio.
Secondly, the scan speeds were controlled for all the electron-beam surface melts but
not for the casting. Therefore, an equivalent scan speed of 0.7 mm/s was estimated
for the castings based on the primary dendrite arm spacing of the castings. The
cooling rates for each solidification condition, as estimated by dendrite arm spacings,

are presented as an alternate ordinate scale.
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Figure 5.6 Scan speed {(cooling rate) versus composition map of the four
modes of solidification. Multiple data points refer to different
modes observed within the same melt; the upper-most and
lower-most symbols correspond to the highest and lowest cooling
rate portions of the respective melts. The solid squares and
circles represent the F and FA modes, the open squares and
circles represent the A and AF modes and the triangles represent
the cutectic.
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Table 5.1: Summary o1 the primary modes of solidification for the seven

alloys at low, intermediate and high cooling rates

Alloy Cooling Rate
low intermediate high
1 A A A
2 AF AF A
3 AF/FA AF/E A
4 FA/AF AF/E/FA A
5 FA/F - F F
6 FA/F F F
7 F F F

The points plotted on Fig. 5.6 are coded such that open squares and open circles
correspond to single phase austenite (A) and austenitic-ferritic (AF) solidification
respectively while solid squares and solid circles correspond to single phase ferrite (F)
and ferritic-austenitic (FA) solidification respectively. The eutectic (E) is represented
by a solid triangle. For the surface melts that showed more than one mode of
solidification, two or more symbols are stacked on top of each other. The symbol on
the top of the stack represents the mode which forms in the higher cooling rate
portions of the melt, i.e., close to the melt periphery, while the symbol on the bottom
represents the mode which forms at the lower cooling rate portions of the melt, i..,
towards the center of the resolidified zone.

The different regions of solidification behavior are indicated in Fig. 5.6 and the
results show the effect that cooling rate has on the microstructure. There are two
important points to be noted on this diagram. Firstly, at low scan speeds (<100 mm/s)
four modes of solidification are present while at high scan speeds (>500 mm/s) only
two modes of solidification are present, single phase austenite and single phase
ferrite. Secondly, Alloy 4 changes its mode of solidification from primary ferrite to
primary austenite as the scan speed is increased and it appears to do so in a gradual

way. As the scan speed is increased, Alloy 4 changes from the FA mode to mixed
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‘FA/AF/E modes with the amount of eutectic and primary ferrite solidified areas
decreasing as the scan speed is increased. With further increases in speed, Alloy 4

solidifies in the single-phase austenitic mode.

Alloy 3 also shows signs of ambivalent solidification behavior in the low cooling
rate portions of the low travel speed melts. In Alloy 3, at 6.3 and 25 mm/s, the AF
mode forms at the melt boundary and the FA mode forms towards the center of the
resolidified zone. It is not clear as to which side of the line of two-fold saturation
Alloy 3 belongs but it is obvious that it is very near the line of two-fold saturation.
Since a majority of the microstructure solidifies in the AF mode, Alloy 3 was denoted

as a primary austenite solidifying alloy.

The change in primary solidification mode and the elimination of the FA and AF
modes at high scan speeds can be explained by the influence that scan speed (cooling
rate) has on solidification segregation. In order to describe how the PSM develops
and is influenced by the scan speed, it is necessary to first examine how the
solidification mode originates from the melt periphery and how this structure grows

into the melt.

5.1.2 Epitaxial Growth and Plane Front Solidification

5.1.2.1 Epitaxial Growth from the Melt Interface

Surface melting and resolidification on a metal substrate with an electron-beam
moving at a constant velocity establishes a liquid-solid interface which can be
assumed to be quasi-stationary in the moving frame of reference. The shape of the
liquid-solid interface depends on the processing variables and in three dimensions
tends to be hemispherical at slow scan speeds and tear-drop shaped at high speeds.
Figure 5.7 illustrates a simplified temperature distribution along the centerline of a
surface melt. As the heat source approaches, the metal ahead of the L/S interface is
being heated to its melting and the metal behind the L/S interface is being cooled.
After incipient melting at the weld centerline, the liquid-solid region expands to its
maximum width and then contracts back towards the centerline as the heat source
passes and at the widest point of the liquid advancement, defined as the melt

periphery, the heat flow is balanced. In front of this point the metal is being heated



and behind this point the metal is being cooled. At this point, the alloy is at its
liquidus temperature and there is no driving force for solidification.

In three dimensions, the shape of the melt periphery is a two dimensional surface
which can easily be identified in a metallographic cross section. Figure 5.8 illustrates
the three principal views of the L/S region to illustrate how the grains develop from
the melt periphery. A plane-front solidification zone extends for a short distance
from the base metal grains. This zone quickly becomes unstable and breaks down
into cells within a short distance from the interface. The instability of the planar
front develops into perturbations that lead to cellular solidification as the interface
advances. At high cooling rates, the cellular zone can extend through the entire melt,

however, at lower cooling rates which are typical of castings and arc welds,
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Figure 5.7 Schematic representation of the temperature distribution sur-
rounding a melt-pool. Section B shows that the temperature
gradient in the travel speed direction is zero at the point of
maximum melt width.



the cells are replaced by dendrites. During the final stages of solidification, the
dendrites are replaced by an equiaxed zone at the top center of the melt if the

solidification conditions (G and R) permit.

The melt periphery is an important feature because from it grow all of the
crystals that are present in the resolidified region. It is along this melt periphery that
the primary solidification mode first develops and one of two possibilities for the
inception of the PSM exist: 1) epitaxial growth from the substrate or 2) nucleation of
phases not initially present in the substrate. Examination of the forty-two surface
melts produced in this investigation showed that epitaxial growth appears to be
present in all cases but failed to show the presence of an amorphous phase or

nucleation of metastable phases, even at surface scan speeds as high as 5 m/s.
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Figure 5.8 Schematic representation of the three principal views of the melt
pool. Locations of the various microstructural features are
illustrated on the cross sectional view and the origin of the
different solidification growth morphologies are indicated on the
top and longitudinal views.
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In general, nucleation of new phases at the melt periphery is the exception rather
than the rule. It requires a combination of both high solidification velocities, to
achieve sufficient undercooling, and a composition which is susceptible to metastable
phase formation [5.1-5.3]. Epitaxial growth from the substrate occurs in the majority A
of surface melting processes [5.1]. In the Fe-Ni-Cr ternary system only two solids
crystallize from the melt, ferrite and austenite. To the author’s knowledge, the
conditions necessary to produce an amorphous phase in this alloy system have not
been experimentally achieved during surface melting. Studies of atomized droplets of
a commercial stainless steel alloy [5.10] also failed to show the presence of an
amorphous phase in highly undercooled droplets. Nucleation of metastable phases at
the melt periphery has also not been observed to the author’s knowledge. Epitaxial

growth is the leading candidate for the initiation of crystallization.

The seven base metal substrates varied in composition such that Alloy | was
fully austenitic and Alloys 2 through 7 increased in ferrite content from
approximately 5 to 35 volume percent respectively. Therefore, in all but one alloy,
both phases were present in the substrate to allow for epitaxial growth. The
plane-front solidification zone which surrounds each melt is visible in optical
metallographic cross sections. This zone indicates that epitaxial growth has occurred
and the thickness of this zone depends on the processing variables. Its width is only a
few cell spacings before it becomes unstable and breaks down into cellular
solidification. If crystals grow epitaxially from the melt periphery, then austenitc
will grow from austenite and ferrite will grow from ferrite. This appeared to be the
behavior under all melt conditions, however, some cases were difficult to distinguish
because of the solid state transformation of ferrite which made the growth of ferrite

into the resolidified region difficult to characterize.

5.1.2.2 Epitaxial Growth at Low Cooling Rates

At low cooling rates the effects of epitaxial growth are easily observed. Figure 5.9
compares the behavior near the root of weld 2 (25 mm/s) for Alloys 1, 4 and 7.
Single phase austenite in the melt zone is shown growing from an austenite base-metal

grain in Fig. 5.9a.
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resolidified zone

Figure 5.9  Epitaxial growth at the fusion line of melt 2 (25.4 mm/s) in a) Alloy 1, b) Alloy 4 and c¢)
Alloy 7. F and A refer to the ferrite and austenite phases respectively while R and B
refer to the resolidified and base metal regions respectively.
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The growth is epitaxial and a plane-front solidification zone extends for about 2
microns prior to breaking down into cellular solidification with microsegregation to
the cell bolundaries. Figure 5.9b illustrates the typical behavior of an alloy which
solidifies in an FA mode with a significant amount of second phase austenite.
Examination of the interface region shows that the melt periphery extends farther
into the austenite than the ferrite. This behavior was observed in all melts and can

be explained by the higher melting point of the ferrite.

Table 5.2 compares the liquidus temperatures and solidus temperatures for ferrite
and austenite. The average composition of ferrite (34.4 Cr, 9.2 Ni, 56.1 Fe) and
austenite (24.5 Cr, 17.0 Ni, 58.9 Fe) was taken from microprobe measurements of the
arc cast button, see Table 2.5-and these compositions were used to estimate the
liquidus and solidus temperatures of ferrite and austenite [5.12]. The results show
that Fg<Ag<Ap<F1 wherc A and F refers to austenite and ferrite and the subscripts S

and L refer to the solidus and liquidus temperatures respectively.

Table 5.2: Liquidus and solidus temperatures for ferrite and austenite

Phase Liquidus Solidus
(°C) (°C)
Ferrite 1485 1398
Austenite 1418 1402

Figure 5.10 illustrates the behavior of a two-phase substrate at the melt periphery
when subjected to a linear temperature gradient, G. The ferrite from the substrate
protruedes into the melt for a distance greater than or equal to (Fp-Ap)/G. In the
. actual substrate, the ferrite and austenite phases have composition gradients caused
by nonequilibrium solidification leaving less solute in the dendrite core. Taking this
into account, and using the above relative values for the liquidus and solidus
temperatﬁres indicates that the ferrite should protrude into the melt and that the
austenite/ferrite interfaces should melt back farther than the cores. This is exactly

what is observed in the surface melts.
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Returning to Fig. 5.9b, the epitaxial growth from austenite is apparent with its
associated plane front zone. However, the plane front solidification zone extending
from the ferrite does not show clearly in the micrographs. It is believed that growth
from the ferrite is epitaxial with an associated plane front but that this region has
been obscured by the subsequent solid state transformation of ferrite to austenite.
Evidence for transformation is present in many of the ferrite particles which have a
continuous ferrite network extending into the melt. Other evidence is present from
the faceted surface of the ferrite/austenite interface which suggests that a significant
amount of transformation has occurred. Figure 5.9b also shows large ferrite particle
extending into the melt and has a network of ferrite fingers extending further into
the melt. These fingers eventually lead to a primary ferrite solidified microstructure
that has undergone a significant amount of solid state transformation.

At higher Cr/Ni ratios, the percentage of ferrite in the substrate and the

percentage of ferrite which solidifies from the melt, increaseés. This larger volume
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Figure 5.10 Protrusion of the higher melting point ferrite into the molten
zone of a two-phase substrate when subjected to a linear
temperature gradient at temperatures close to the melting point.
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fraction of more stable ferrite makes epitaxial growth from the ferrite easier to
observe. Figure 5.9c shows the interface region from Alloy 7 where the substrate
contains approximately 30 percent ferrite. Epitaxial growth from both phases is
apparent. The austenite plane front breaks down into 2 cellviar mode which lecads
into single phase ferrite solidification. The ferrite phase is continuous from the

substrate to the resolidified region but the melt periphery is difficult {0 observe.

5.1.2.3 Epitaxial Growth at High Cooling Rates

At high cooling rates the width of the plane front zone is reduced. This makes
resolution of the microstructural features at the interface more difficult. A careful
analysis of the interface region would require transmission electron microscopy,
however, sample preparation on such small melts with the additional requirement of
analyzing the interface region is difficult and precluded such analysis from this
investigation. Instead, optical metallographic observations were used and were found
to be sufficient to support the epitaxial growth theory. However, these observations

were not able to definitively prove epitaxial growth at high cooling rates.

Figure 5.11 compares the behavior of Alloys 1, 4 and 7 solidified at 2000 mm/s.
At the high cooling rates, the alloys solidify in a single phase austenitic mode (Alloys
1-4) or in a single phase ferritic mode (Alloys 5-7). Figure 5.11a shows the growth of
single-phase austenite cells in the melt from single phase austenite cells in the
substrate. Observation of the interface region shows a plane front zone extending
from the austenite grains in the substrate. The plane front zone quickly reverts to

cellular solidification with microsegregation to the cell boundaries.

Figure 5.11b illustrates the behavior of single phase austenite growing from the
two-phase substrate in Alloy 4. A thin plénc front surrounds the melt periphery and
breaks down into a highly refined cellular network within the remelted zone. The cell
axes are nearly perpendicular to the substrate and the microstructure of the remelted
zone is similar io that which occurs in the fully austenitic Alloy 1. The ferrite in the
substrate melts back close to the periphery and extending from the ferrite is a dark
etching phase. This phase is also ferrite and typically finds its way to the cell walls
in the resolidified zone. Close to the melt periphery are blocks of ferrite which only

appear in Alloy 4 at the high cooling rates and look to be a continuation of the
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ferrite dendrites from the substrate. The origin of these blocks is thought to be
caused by incomplete mixing close to the melt periphery. Because the mixing is
incomplete, regions of high Cr/Ni ratios extend from the ferrite dendrites in the
substrate into the melt zone. These regions then have enough chemical driving force
to change the PSM from single phase austenite to single phase ferrite. The ferritic
solidification quickly vanishes because of convective mixing in the bulk of the melt

zone.

Figure 5.11c illustrates the high cooling rate behavior of Alloys 5, 6 and 7. The
resolidified region is single phase ferrite and the solidification substructure is
apparent. Single phase ferrite grows epitaxially from ferrite in the substrate and
careful examination of the austenite blocks in the substrate show that they have
melted back and that austenite appears to have grown epitaxially from them. The
plane front austenite zone is small and it directly changes to single phase ferritic
solidification close to the melt periphery. The resulting microstructure is fully

ferritic with no solid state transformation to austenite.

In summary, analysis of the melt periphery shows that epitaxial growth occurs
from the substrate at low and at high cooling rates. Since the substrate is a two phase
material, both ferrite and austenite grow from the interface. One of the two phases
eventually dominates the PSM throughout the resolidified region and this dominant
mode is a function of composition and cooling rate. The next section discusses how

the primary modc develops from the two phase epitaxial growth at the melt periphery.

5.2 Cellular/Dendritic Solidification and Competitive Growth

The principal factor in determining the PSM is the composition. High Cr/Ni ratio
alloys solidify as primary ferrite while low Cr/Ni ratio alloys solidify as primary
austenite. However, for compositions which are close to the line of two fold
saturation, the PSM was shown to change with increasing cooling rate. The reason for
this behavior is related to the growth kinetics which allow epitaxial metastable

austenite to grow throughout the resolidified melt at high cooling rates.
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Figure 5.11 The single phase nature of high speed resolidified melts. Microstructures’a’ and ’b’
show single phase austenite growing from Alloys 1 and 7 while ’c’ shows single phase
ferrite growing from Alloy 7 at 2000 mm/s.



131

5.2.1 Primary Austenite Solidified Alloys

Alloys 1, 2 and 3 solidify in a primary austenitic mode (A or AF) at low and at
high cooling rates. Table 5.3 shows that the base metal substrate from Alloy 1
contains no ferrite and the base metal substrate from Alloys 2 and 3 contains less
than 6 percent ferrite. This leads to a plane front austenite zone which surrounds the
entire melt zone in Alloy 1 and the vast majority (>99%) of the melt in Alloys 2 and
3. Therefore, epitaxial growth of austenite dominates the microstructure at the melt
periphery and where ferrite is present in the substrate at the periphery, it rapidly

forms second phase ferrite at the cell boundaries.

Table 5.3: The ferrite content in the | mm deep clectron-beam surface

treated zone and in the base metal substrate.

Alloy

Condition 1 2 3 4 5 6 7

base 0 1.6 5.9 9.6 | 22.4 | 26.7 | 36.3

Ferrite metal

(%) surface 0 0.7 34 | 12.0 | 234 | 494 | 869

treated

In the case of single phase austenite (Alloy 1) and AF solidification (Alloys 2 and
3), chromium segregates to the cell boundaries. However, because of the low initial
Cr/Ni ratios of these Alloys, the amount of chromium which segregates to the
boundaries is not sufficient to change the mode of solidification from primary
austenite to primary ferrite. Therefore, even at low cooling rates, where segregation
of ferrite stabilizing chromium to the cell boundaries is high, the mode of

solidification is primary austenite throughout the entire resolidified zone.
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5.2.2 Primary Ferrite Soiidified Alloys

Alloys 5, 6 and 7 solidify in a primary ferrite mode (F or FA) at low and at high
cooling rates. The Cr/Ni ratios of these alloys is much higher than that of Alloys |
and 2 which leads to two significant differences. Firstly, Table 5.3 shows that the
ferrite content of the substrate is much higher and this reduces the amount of
epitaxial austenite that forms at the melt periphery. Secondly, the ligquid metal is
enriched in chromium to the point where a large percentage (>80%) of the
microstructure solidifies as ferrite. Epitaxial growth of ferrite and austenite is
evident in Alloys 5, 6 and 7 and becomes increasingly easier to observe as the amount

of ferrite in the substrate increases.

Fig. 5.12a shows that the plane front austenite zone in Alloy 5 breaks down into
primary austenite solidified cells within a few microns of the interface at slow scan
speeds. The primary austenite cellular region extends for only an additional {ew
microns before it transforms into primary ferrite (F or FA) solidified cells, however,
the solidification mode is difficult to determine because of the substantial amount of
solid state transformation. The ferrite cells then grow into columnar dendrites and
finally equiaxed dendrites. At higher speeds, the plane front austenite and cellular
austenite regions are compressed into a region of about | micron or less. The

remainder of the weld solidifies in an FA or F cellular mode.

The Cr/Ni ratio of Alloys 6 and 7 is high enough so that both alloys solidify in
the single phase ferritic mode. Furthermore, because of the high Cr/Ni ratio of the
alloys, less of the ferrite transforms as the alloy cools. Figure 5.12b shows the
development of the microstructure from the melt periphery in Alloy 7. The epitaxial
growth of austenite breaks down into cells and then single phase ferrite within a few
microns of the interface. The epitaxial growth of ferrite leads directly into the single
phase ferrite solidified structure which continues to grow throughout the remainder
of the resolidified region. Austenite appears to be present as occasional grain
boundary allotriomorphs, but no intercellular austenite appears to solidify from the

melt.
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Figure 5.12 Epitaxial growth of austenite from the base metal substrate quickly
modulates to the AF, FA and F modes of solidification in the high Cr/Ni
ratio alloys. a) Shows Alloy 5 in which the ferrite undergoes substantial
transformation and b) shows Alloy 7 where the transformationis prevent-
ed by the high Cr/Ni ratio of the alloy.
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5.2.3 Alloys That Change Their Mode of Solidification With Cooling Rate

Alloys 1, 2 and 3 solidify as primary austenite while Alloys 5, 6 and 7 solidify as
primary ferrite for all the cooling rate conditions. This behavior indicates that the
line of two-fold saturation lies somewhere between Alloys 3 and 5 and as indicated in
Fig. 5.6, Alloy 4 changes its mode of solidification. At iow rates, Alloy 4 solidifies as
primary ferrite (FA) and at high rates it solidifies as primary austenite (AF or A).
Analysis of the microstructure shows that Alloy 4 lies on the primary ferrite side of
the line of two fold saturation, and that primary austenite forms at high cooling rates
in this alloy due to the favorable growth kinetics of the austenite from the melt

periphery.

Figure 5.13a shows that the resolidified zone of Alloy 4 consists mostly of
primary ferrite dendrites at low scan speeds although the majority of the melt
periphery is austenite. This behavior is caused by a change in solidification modcs
from the epitaxially grown austenite to primary ferrite. AF cells grow from the
epitaxial austenite and transform to FA cells within a few microns of the melt
periphery at 6.3 mm/s. These FA cells then grow into columnar and finally equiaxed
ferrite dendrites which coarsen in spacing towards the center of the cross section.
Figure 5.13b indicates that the epitaxial growth of austenite leads to a much larger (
~soum) zone of AF cells at 25 mm/s. These AF cells transform into the eutectic or
intercellular ferrite phase which continues throughout the remainder of the
resolidified zone. At 100 mm/s and faster the entire resolidified zone is composed of
AF cells or eutectic as indicated in Fig 5.13c and the amount of intercellular ferrite

decreases with increasing travel speed.

Thercfore, as the speed is increased two transitions occur in Alloy 4. The
dendritic mode is replaced by cells or the eutectic phase and the amount of primary
austenite and eutectic solidified areas increase at the expense of the primary ferrite
solidified regions. This transition is gradual and is related to the reduced amount of
time available for segregation as the cooling rate is increased. Although these alloys
solidify as a large volume fraction ferrite, only a small amount of ferrite (<10%) is
present in the substrate because of the solid state transformation of ferrite. Since the
substrate provides epitaxial growth sites at the melit periphery, the majority of the

periphery (>90%) initiates growth as primary austenite. At low speeds, there is
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Figure 5.13  The transformation from the FA to AF modes of solidification in Alloy 4 as the scan
speed is increased a) 6.3 mm/s, showing primary ferrite dendrites, b) 25 mm/s, showing
a large AF solidification region (~50 microns) at the melt boundary and ¢) 100 mm/s,
showing that the entire resolidified region solidifies in the AF mode.
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enough time for solidification segregation to alter the epitaxially grown austenite to a
primary ferrite mode. This fact is evidenced by the formation of ferrite dendrites
which imply a large amount of segregation. However, at high speeds, there is less
time for segregation, as evidenced by the lack of dendrites and the presence of
austenite cells. Under these conditions, the epitaxial grown primary austenite zone
does not change its solidification mode to the thermodynamically preferred primary

ferrite phase.

5.3 Microstructural Features of Resolidified Stainless Steel Alloys

This section describes the origin of the complex microstructures which develop in
solidified stainless steel alloys. These microstructures form as a result of five
different solidification modes and are further modified by the solid state

transformation of ferrite.

The mode of solidification has a large influence on the ferrite morphology by
providing nucleation sites {or austenite. Optical metallographic examination of the
resolidified zones showed that eleven distinct morphologies exist and these
morphologies can be thought of as subgroups of the primary modes of solidification.
The microstructures which develop during the solidification of stainless steels have
been investigated {5.11,5.13-5.18], however, the terminology used to describe the
microstructures varies somewhat between authors. Table 5.4 summarizes the names
given to the ferrite and austenite morphologies in this study and compares the

terminology used by several other investigators.

5.3.1 Characterizing the Ferrite and Austenite Morphologies

5.3.1.1 Ferrite Morphologies in A and AF Solidified Alloys

Second phase ferrite forms in primary austenite solidified alloys and is present at
the cell or dendrite walls. The amount of ferrite which forms during AF
solidification is small and is surrounded by austenite. Therefore, during the ferrite
to austenite phase transition, the amount of second phase ferrite is reduced even

further as it transforms to austenite.
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Table 5.4 : Comparison of the terminology used to describe the different microstruc-

tural morphoiogies in stainless steel alloys.

Mode Reference
This Study | Katayama David Lippold Brooks Suutala
et al. et al. et al. et al.
A dendritic A fully A fully A - austenite fully A
cellular A
inter- - - - - inter-
AF dendritic F dendritic F
inter- inter- inter- inter- - -
cellular F cellular F | cellular F | cellular F
E eutectic eutectic F - - eutectic -
inter- - - - - -
cellular A
FA vermicular F | vermicular.| vermicular | vermicular | skeletal F | vermicular
F F F F
lacy F lacy F lacy F acicular A - lath F
blocky A - - - - -
Widman- Widman- | acicular F | Widman- Widman- lath A
statten A statten A statten A statten A
F massive A - - - - -
acicular A | acicular A - - - -
dendritic F fully F fully F - - -
cellular F

Because of the high austenite/ferrite interfacial areas and stnall volumes of ferrite
that form during AF solidification, nucleation of austenite from within the ferrite
does not occur in these alloys.

The microstructures that form from the A or AF modes are easily characterized.
In the single phase austenite solidification mode, there is no ferrite present. Under

these conditions, primary austenite dendrites form at low cooling rates, Fig. 5.1a, and
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primary austenite cells, Fig. 5.1b, form at high cooling rates. Microsegregation of
chromium to the cell walls results in the observed etching differences but is not

sufficiently high enough in concentration to form second phase ferrite.

In the AF solidification mode, segregation of chromium to the cell and dendrite
walls is sufficient to form second phase ferrite. Interdendritic ferrite, Fig. 5.lc,
forms at low cooling rates when the primary phase is austenite dendrites. Intercellular
ferrite, Fig. 5.1d, forms at high cooling rates when the primary phase is austenite

cells.

5.3.1.2 The Eutectic Microstructure

The eutectic microstructure forms from the simultaneous solidification of
austenite and ferrite. Its microstructure was discussed in section 5.1.1.2 and is shown
in Fig 5.8b. Since this microstructure is similar in appearance and tends to form with
intercellular ferrite and intercellular austenite, its presence is often difficult to
detect. In this study, the term eutectic will be given to those microstructures which
are difficult to judge and might in fact be intercellular ferrite or intercellular

austenite with a high volume fraction second phase.

5.3.1.3 Ferrite Morphologies Which Develop From FA Solidified Alloys

The ferrite morphologies which develop from the FA solidification mode are
morc complex than those which develop from the A or AF modes. The complexity
arises from the substantial amount of solid state ferrite transformation that occurs as
the melt cools. The ferrite which forms during solidification of duplex stainless
steels is thermodynamically stable at -elevated temperatures, however, as the
temperature is lowered, the compositional range over which ferrite is stable decrcases.
Austenite becomes the more stable phase at lower temperatures and the decrease in
temperature provides a driving force for the solid state transformétion of ferrite,

This transformation can begin by the growth of existing primary or second phase

austenite. If no austenite is present in the microstructure, as would be the case for
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single phase ferrite solidification, then austenite can nucleate and grow from the
ferrite. The preferred heterogeneous nucleation sites for austenite are arcas of low

Cr/Ni ratios such as grain boundaries or cell walls.

In order to describe the microstructures which develop, a distinction must be
made between the austenite and ferrite which form during solidification and that
which forms during the solid state transformation of ferrite. The terminology used to

describe the various microstructural features is summarized in Table 5.5.

Table 5.5 : Description of the ferrite and austenite phases.

Symbo! Description
Fr Residual ferrite in the microstructure at room te.mpcrature.
Fp Primary ferrite which solidifies from the F or FA modes.
Fe Second phase (eutectic) ferrite which solidifies from the AF mode.
Ap Primary austenite which solidifies from the A or AF modes.
AEg Second phase (eutectic) austenite which solidifies from the FA mode.
At Austenite which forms during the solid state transformation of ferrite

by diffusion controlled growth of austenite from F/A boundaries.

AN Austenitec which nucleates within primary ferrite dendrites.

AM Austenite which forms during the solid state transformation of ferrite

by a massive phase transformation within a ferrite matrix.

Aw Widmanstatten austenite "platelets” which nucleate and grow from the

grain boundaries in single phase ferrite solidified alloys.

Aa Acicular austenite "needles” which nucleate intragranularly in the heat

affected zone of single phase ferrite solidified alloys.

Fe,Ag |Eutectic ferrite, eutectic austenite.
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There are four basic morphologies which develop from the FA mode of
solidification. Intercellular austenite, vermicular ferrite, lacy ferrite and blocky
austenite. The vermicular and lacy ferrite morphologies have been recognized by
other authors while the intercellular ferrite and blocky austenite morphologies have

not bezn given unique distinction in the past.

Figure 5.3a shows the appearance of intercellular austenite which can occur under
two conditions. At moderately high cooling rates the microstructure consists of
primary ferrite cells growing approximately parallel to the heat flow direction. The
solidification mode is FA and each cell is surrounded by second phase austenite. This
microstructure has an appearance of a semiregular array of ferrite cores with
austenite at the 'ccll walls. During the solid state transformation of ferrite, the
ferrite which is located at the cell cores partially transforms to austenite. The final
microstructure is an array of ferrite cores which have angular edges because of the
solid state transformation. The orientation relationship between ferrite and austenite
is known to be of a Kurdjumov-Sachs type [5.19] and leads to the angular edges at the
transformation interface. The resulting microstructure shows ferrite cores surrounded
by a layer of transformed austenite, Ar, and an outer layer of second phase austenite,
AEg. A second set of conditions that produce this type of microstructure are those
where equiaxed ferrite cells form in the center of melts which were cooled at low
rates. Here the cellular mode is produced by nucleation of ferrite cells in the

equiaxed zone but the microstructures are quite similar.

Figure 5.3b shows the typical appearance of vermicular ferrite. This morphology
forms at low cooling rates and is the result of columnar dendritic ferrite
solidification followed by a substantial amount of solid state transformation. Thz
ferrite dendrites have well defined secondary arms with second phase austenite
present at the secondary and primary dendrite arm walls. During the solid state
transformation, the second phase austenite, Ag, grows into the ferrite dendrites
leaving transformed austenite, At, behind. The transformation is seldom complete,

and leaves the residual ferrite dendrite core in the microstructure.

Figure 5.3c shows the lacy ferrite morphology which was observed only in Alloy
5. This microstructure forms from primary ferrite dendrites which occur at low

cooling rates and higher Cr/Ni ratios than vermicular ferrite. These alloys solidify
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with a very high volume fraciion ferrite and some of the morphological features are
the same as dendritic ferrite. The second phase austenite, Ag, is present between the
secondary arms and provides heterogeneous nucleation sites for the ferrite
transformation. This austenite grows into the secondary ferrite arms and into the
dendrite core leaving a roughened outiine of the original ferrite dendrite. However,
because of the large volume fraction ferrite, the transformatior does not appear to be
completed by the growth of secondary austenite into the ferrite dendrite alone.
Austenite may possibly nucleate within the dendrite core which would help to explain
its microstructural appearance shown in Fig. 5.14. Intradendritic austenite, Ap,
appears to nucieate at many sites within the derdrite and its growth is controlled by
the diffusion of ferrite stabilizing elements ahead of austenite/ferrite interface.
When adjacent austenite regions approach each other, the transformation stops 2nd
leaves a wall of ferrite between the two advancing fronts. The microstructural
appearance of lacy ferrite in its three principal directions is shown in Fig.5.14. The
top of the cube shows dendrites with their axes normal to the plane of the
metallographic cross section while the sides of the cube show the dendrites with their
axes parallel to the plane of the section. However, in order to definitely prove the
existence of intradendritically nucleated austenite, additional experimental work

would have to be performed.

Figure 5.3d shows the microstructural features of blocky austenite. Austenite
blocks outline the columnar dendrite boundaries and were only observed in Alloy 6
at low cooling rates. This alloy solidified with a volume fraction ferrite which is
close to 100% and the origin of the austenite blocks is most likely to be that of
heterogeneously nucleated grain boundary allotriomorphs. Since the ferrite has a
higher Cr/Ni ratic, it is more stable than the ferrite of the previous two cases. This
stability prevents intradendritic nuclcatfon of austenite and only growth of the
allotriomorphs occurs and is restricted to the grain boundary vicinity for certain
cooling rates. Therefore, the microstructure consists of a high volume fraction ferrite
with blocks of austenite, At, oriented along the columnar grains. This austenite
grows as the ferrite transforms, however, because of the higher stability of the

ferrite, less transformation occurs.
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Figure 5.14 Microstructural features of lacy ferrite along its three principal direc-
tions. The primary dendrite core and the secondary dendrite arms can

clearly be distinguished.
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Occasionally, austenite blocks are located between the dendrites, indicating that
possibly some second phase austenite may have been present at the secondary dendrite

arm locations to provide a location for heterogenecus nucleation of austenite.

5.3.1.4 Single Phase Ferrite Solidified Alloys

Fig.5.2a shows the appearance of the single phase ferrite grains which form from
the fully ferritic solidification mode in high Cr/Ni ratio alloys. Ferrite cells grow at
high rates and ferrite dendrites grow at low rates. The cell boundaries do not etch as
prominently as the grain boundaries which makes the ferrite grains the most
prominent features in the microstructure. The microstructure remains fully ferritic
as the alloy cools if the nucleation of austenite can be surpressed. This can be
accomplished by rapidly cooling the alloy through the transformation temperature

range. This occurred in the melts that solidified at 1040C/s or faster.

At lower cooling rates, there is sufficient time to nucleate and grow austenite as
the ferrite cools. The grain boundaries, which may have some second phase austenite,
provide heterogeneous nucleation sites for Widmanstatten austenite. Figure 5.2b
shows this microstructure before significant growth has occurred and indicates that
thin adjacent platelets of austenite nucleate at the grain boundaries and grow into the
ferrite matrix. Fig.5.2c shows the Widmanstatten microstructure at low cooling rates
when the austenite platelets have grown entirely across the ferrite grain. This
microstructure has been called acicular ferrite by other authors, however, since the
mechanism is the same, both morphologies will be referred to as Widmanstatten
austenite. Figure 5.2d shows that the plate-like appearance of the Widmanstatten
austenite which can be observed when the plane of the platelet lies nearly parallel

with the polished surface.

The formation of massive austenite was only observed in Alloy 5 and only at high
cooling rates. This alloy solidifies in the fully ferritic mode prior to transformation
and this microstructure undergoes a massive transformation to austenitc at subsolidus
temperatures. The morphology of massive austenite has been studied in stainless steel
alloys [5.20] and is the result of undercooling the ferrite below the austenite/ferrite

T, temperature and will be discussed in detail in Chapter 8.
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Intragranular austenite needles were observed in the heat affected zone of the
high Cr/Ni ratio alloys. Examples of this microstructure are shown in Chapter 8 and
indicate that this microstructure presumably forms during the reheating of single
phase ferrite which can occur in the heat affected zone of a weld. The nucleation

characteristics of acicular needles are discussed in detail in Chapter 8.

5.3.2 The Combined Effects of Cooling Rate and Composition

The microstructures which develop during rapid resolidification were first shown
to be related to the primary solidification mode and second, to compositional and
cooling rate variations within a given PSM. Table 5.6 summarizes the solidification
and solid state transformation sequences that lead to the different morphologies.
These morphologies were described in the previous section and all were observed
during surface melting and resolidification except for acicular austenite, which was

observed only in the heat affected zone.

The relationship between the various morphologies can be plotted on a scan-speed
versus composition diagram in the same way as the four PSM regions were plotted.
Figure 5.15 shows the map of the morphologies and since the morphologies are
"subsets" of the PSM, each PSM region is divided into several different areas which

represent the predominant morphology.

Variations in the cooling rate exist within each resolidified zone. Therefore, a
mixture of morphologies may be present for a given set of electron beam parameters.
The higher cooled regions of the melt which have small dendrite arm spacings tend to
be located close to the melt periphery and at the root of deep penetrating welds.
These regions tend to have morphological characteristics which do not represent the
bulk of the solidified metal but do have characteristics which are more like the alloys
solidified at the next higher travel speed. These aspects were taken into account in

drafting Fig. 5.15.
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Figure 5.15 Scan speed (cooling rate) versus composition map of the
microstructura! morphologies that result from solidification and
solid state transformation of stainless steel alloys.
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Table 5.6 : The solidification mode, solidification sequence and sclid-state transfor-

mation events responsible for the different microstructures.

I Mode Solidification Solid State Morphology
Sequence Transformation
A L2 (L+Ap)~" A None Dendritic A
Cellular A
AF L ° (L+Ap) Fg~ Ay Interdendritic F
(L+Ap+FEg) ° (Ap+Fg) Intercellular F
E L ? (L+Fg+AEg) ° Fg~ Ar Eutectic
(Fe+AE)
Fp~ Ap Intercellular A
FA L ° (L+Fp) Vermicular F
(L+Fp+Ag) ” (Fp+Ag) Blocky A
Fp * At AN Lacy F
Fp~ Aw " Widmanstatten A
Fp~ AM Massive A
F L (L+Fp) ° Fp Fp~ Ay Acicular A
None Dendritic F
Cellular F

The results presented in this diagram represent the combined effects of two
factors. Firstly, the composition axis represents the thermodynamic stability of the
ferrite phase. As the Cr/Ni ratio is increased, a higher volume fraction of ferrite
solidifies from the melt and the ferrite that forms becomes more resistant to the solid
state phase transformation. Secondly, the scan speed (cooling rate) axis represents the
kinetic response of the system. As the 'spced is increased, there is an increased
resistance to change. That is, the amount of solidification segregation decreases and
the amount of ferrite that transforms to austenite decreases. In the limit,
partitionless solidification would occur, however, these conditions were not observed
in this study. A more thorough analysis of the microstructures which were observed
in the resolidified electron beam melts is presented in Chapter 8 which includes
discussions on the thermodynamic and kinetic factors responsible for the transforma-

tion mechanisms.
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5.4 Conclusions

In summary, five modes of solidification and eleven morphologies were observed
during the resolidification of the seven alloys. These microstructural characteristics
are believed to be a complete ’set’ of the possible solidification and solid state
transformation events that occur in typical stainless steel alloys and can be related to
the alloy composition, the cooling rate and the extent of the solid state transformation

of ferrite.

The results of this study were used to create diagrams which can be used to
predict the primary solidification mode and the austenite and ferrite morphologies,
based on chemical composition and cooling raie. Figure 5.6 shows the relationship
between the primary mode of solidification and the cooling rate for the seven alloys
which cross the line of two-fold saturation while Fig. 5.15 shows the microstructural

morphologies which develop from these solidification conditions.

Careful metallographic examination of the surface melts showed that ferrite and
austenite grow epitaxially from the base metal substrate. Epitaxial growih from the
resolidification of a two-phase substrate requires that the two phases compete to
become the primary solid phase to solidify in the remelted zone. At low cooling rates,
the thermodynamic factors take ﬁreference and the PSM is dictated by the more
thermodynamically stable phase which can be predicted by the line of two-fold
saturation. However, at high cooling rates, the growth kinetics of the metastable phase
may supersede the formation of the equilibrium primary phase. This situation was
observed in Alloy 4 which solidifies in the FA mode at low rates and in the AF mode

at higher rates and in the fully austenitic mode at the highest rates.

One of the objectives of this investigation was to determine if the change in
solidification modes with cooling rate was caused by the nucleation of metastable
phases from within the melt. Although one cannot rule out the possibility of
metastable phase nucleation from within the molten zone at high cooling rates, it does
seem unlikely that this nucleation event would occur because of the lack of
heterogeneous sites in the liquid. It is a much more likely possibility that the changes

in stainless steel solidification mode observed by other investigators [5.6,5.7] is also
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the result of the epitaxially grown metastable austenite developing into the primary
solid phase due to the favorable growth kinetics of austenite under certain

solidification conditions.

In the next chapter, the influence that cooling rate has on the ferrite content will
be investigated with specific reference to the primary modes of solidification and the

microstructural morphologies presented in figures 5.6 and 5.15.
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CHAPTER 6

The Influence Of Cooling Rate On
The Residual Ferrite Content Of Stainless Steel Alloys

Residual ferrite is present in the microstructure of duplex stainless steel alloys in
volume fractions as high as 50 percent. Even at low volume fractions, ferrite can
influence the integrity of stainless steel alloys and many investigators have tried to
develop relationships between the alloy composition and the ferrite content of
stainless steel castings and welds. At slow cooling rates, the principal factor which
controls the amount of ferrite is the éomposition, however, rapid solidification
processing has been shown to dramatically alter the amount of ferrite in the
microstructure. Under these conditions, the cooling rate becomes as important as the
composition in determining the resulting ferrite content. These effects are not well
understood and an important aspect of this investigation was to develop a relationship
between cooling rate and the residual ferrite content in stainless steels.

This chapter examines the results of the cooling rate experiments which were
performed on the series of seven Fe-Ni-Cr ternary alloys that span the line of
two-fold saturation along the 59% Fe isopleth. Cooling rate variations were produced
by electron-beam surface melting the alloys at rates between 4.7x102 /s and 7.5x106
°C/s. The results show that the cooling rate has a significant effect on the ferrite
content but that its influence is not easily generalized. The solidification mode,
cooling rate and composition were shown to be equally important, and interrelated,
factors in the determination of the ferrite content.

For primary austenite solidified alloys, the ferrite content was shown to decrease
with increasing cooling rate, while for primary ferrite solidified alloys the ferrite
content was shown to increase with increasing cooling rate. These effects are so
dramatic that at high cooling rates (>104 oC/s) the alloys are either fully austenitic or
fully ferritic depending on their primary mode of solidification. The reasons for this
behavior can be explained by the influence of cooling rate on solidification

segregation, Chapter 7, and solid state transformation, Chapter 8.



150

6.1 The Ferrite Content at Slow Cooling Rates

The amount of residual ferrite present in stainless steel alloys is equal to the
amount of ferrite which forms during solidification minus the amount of ferrite
which transforms as the melt cools to room temperature. Both the solidification and
solid state transformation effects are influenced by cooling rate and are difficult to
isolate from each other. At slow cooling rates, the largest amount of ferrite
transforms as the melt ccols and this section examines the ferrite content of slow
cooling rate melts by first estimating the amount of ferrite which would be present if
equilibrium conditions could be achieved. Then, these results are compared with the

ferrite content of the slow-cooling-rate arc-cast buttons.

6.1.1 Full Diffusional Equilibrium

Full diffusional equilibrium means that there is enough time during the
solidification process so that composition gradients are eliminated in both the liquid
and solid phases. Under these conditions, the amount of ferrite which solidifies from
the melt, the solidification path, and the composition of the liquid and solid phases
can be determined from the equilibrium phase diagram.

The liquidus and solidus projections are shown on a portion of the Fe-Ni-Cr
system in Fig.6.1a. These data are taken from experimental measurements [6.1] and
the compositions of the seven alloys examined in this investigation arc piotted on this
figure. The location of these alloys with respect to the liquidus and solidus lines
shows that Alloy 1 will solidify in the fully austenitic mode, Alloys 2 and 3 in the
AF mode, Alloys 4, 5 and 6 in the FA mode and Alloy 7 in the fully ferritic mode.
There is good agreement with the primary modes of solidification predicted by Fig.
6.1a and those examined in Chapter 5 for the slow cooling rate arc cast buttons,
however, the line of two-fold saturation predicted by thermodynamic calculations
deviates at higher chromium contents.

Fig. 6.1b shows the location of the line of two-fold saturation as determined by
various investigators. The results of Kundrat [6.2], Chang [6.3] and Thermocalc [6.4]
are predictions based on thermodynamic calculations while those of Rivlin et al. [6.1]
were derived from experiments. The thermodynamic calculations all fafl within 2

percent chromium of the experimentally determined value, however, this relatively
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Figure 6.1 Location of the seven Fe-Ni-Cr alloys with respect to the ferrite
solvus, austenite solvus and the line of two-fold saturation, after
Rivilin et al, [1.32].
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small difference in the location of the line of two-fold saturation can be misleading
when trying to predict the PSM. Throughout this investigation, the experimentally
determined liquidus and solidus lines by Rivlie and Raynor will be assumed to be the
*true’ values since they match the experimental results of this investigation. However,
when comparisons are made between thermodynamic predictions and experimental
measurements, a shift in the alloy compositions needs to be made so that the two
methods agree on the location of the line of two-fold saturation.

For equilibrium solidification conditions, Fig. 6.1 indicates that Alloy 1 cools
through the L+A two-phase field and directly into the single phase austenite field
with no ferrite in the microstructure. Alloys 2 and 3 cool through the L+A two-phase
field and then into the L+A+F three phase field where second-phase ferrite forms in
the microstructure. Alloys 4, 5 and 6 cool through the L+F two-phase {ield and then
through the L+A+F three phase ficld where second-phase austenite forms. Finally,
Alloy 7 cools through the L+F two-phase field and directly into the single-phase
ferrite field with no austenite in the microstructure.

From this figure, the amount of ferrite that forms in the alloys can be cstimatcd
by applying the lever rule to the tie lines in the F+A two phase field which are
nearly parallel to the constant Fe section at these temperatures. Table 6.1 shows the
amount of ferrite which will solidify from each alloy under equilibrium conditions.
These calculations were predicted from Fig. 6.1a and indicate that the ferrite content
at the solidus temperature varies from 0% in Alloy 1 to 100% in Alloy 7.

The phase diagram can also be used to estimate the amount of ferrite which
transforms to austenite under equilibrium conditions. At elevated temperatures, the
tie-lines in the F+A region are nearly parallel to the 59% Fe isopleth and the isopleth
can be used to estimate the ferrite content. Table 6.1 shows the equilibrium residual
ferrite content of the alloys at 1000°C. At this temperature, all of the ferrite has
transformed to austenite in Alloy 2 and 60% has transformed in Alloy 7. By
extrapolating the ferrite and austenite solvus lines to lower temperatures one can see
that the second phase ferrite in Alloys 2 and 3 should completely transform and that
a majority of the primary ferrite contained in Alloys 4-7 should transform by the
time the alloy cools to room temperature under equilibrium conditions. However, in
actual melts, kinetic limitations prevent the transformation at low temperatures and

some residual ferrite remains in the microstructure.
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Table 6.1 Equilibrium ferrite contents at the solidus and at 1000°C-

% Ferrite % Residual Ferrite
Alloy that solidifies at 10000C
1 0 0
2 20 0
3 35 8
4 55 14
5 70 24
6 92 31
7 100 40

6.1.2 The Arc Cast Buttons

The arc cast buttons represent the slowest cooling rates examined and were used as
a standard with which to compare the high cooling rate microstructures. In Chapter 4
it was shown that the primary and secendary dendrite arm spacings of the arc
castings were 42 and 18 um respectively and that this spacing corresponds to a cooling
rate of about 7 oC/s. Arc welds typicaily solidify with cooling rates between 10 and
1000°C/s, therefore, the cooling rate in the arc cast buttons can be considered to be
similar but on the slow cooling rate side of arc welding.

The Schaeffler diagram was used to predict the ferrite content of the arc cast
buttons. The alloy compositions are plotted in Fig. 6.2. Alloy 1 is in the fully
austenitic region and Alloys 2-7 are in the duplex, ferrite-austenite, region. The
ferrite contents estimated from the Schaeffler diagram are shown in Table 6-2 and
range from 0% for Alloy 1 to 32% for Alloy 7.

A second, and less conventional, method was used to estimate tl:e amount of
residual ferritc. Based on several investigations [6.5,6.6,6.7], where the ferrite content
of a large number of commercial stainless stecl (AISI 304, 308, 309, 316) arc-welds was
measured, Fig. 6.3 can be used to predict the ferrite content for different Cr/Ni ratio

alloys.
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Table 6.2 Predicted and measured ferrite contents of the arc cast buttons
tredictive Methods " Measured
Alloy (%) Avg.
Schaeffler Cr/Ni MG YSM QTM (%)
1 0 0 0 0 0 0
2 5 7 5.4 4.6 5.4 5.5
3 7.5 11.5 8.7 9.8 11.0 9.7
4 12 14.8 14.6 15.8 14.2 14.3
5 16 23.5 23.6 23.2 22.8 21.8
6 27 29.7 274 26.4 324 28.6 |
7 32 35.9 36.5 32.1 39.2 35.1
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Figure 6.2

Location of the seven Fe-Ni-Cr alloys on the Schaeffler diagram.
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For Cr/Ni ratios below 1.20 the ferrite content is zero while for Cr/Ni ratios between
1.20 and 2.0, a regression analysis shows the following relationship between Cr/Ni

ratio and ferritc content:

%F = 36.6 (Cr/Ni) - 43.8 (6.1)

The ferrite is estimated in weight percent and the Cr and Ni equivalents suggested by
Delong (eq. 1.1 and 1.2) should be used. Table 6.2 shows that this approach also
predicts ferrite contents of the cast alloys should vary from 0 to above 30 percent.

The ferrite content of the castings was measured using several techniques. Since
the castings had a thickness greater than 10 mm, the ferrite number could be
measured using the Magne-Gage. Since the castings had a coarse microstructure, the
ferrite could be directly measured using quantitative metallography. These
Magne-Gage readings were converted to percent ferrite using the procedure that was
discussed in Chapter 3. Using the extended ferrite measurement method [3.4] the
ferrite content was determined and the results are shown in Table 6.2. These
measurements indicate that the ferrite content varies from 0 io 35%. The VSM
technique was used as the second measurement method and is also described in
Chapter 3. The results of these measurements are also presented in Table 6.2 and
indicate that the ferrite contents vary from 0 to 32.1 percent. Finally, quantitative
metallographic measurements were used to confirm the ferrite content of the seven
alloys.

Figure 6.4 compares the measured ferrite content (VSM) with the predicted ferrite
content (Schaeffler) along the 59 wt. % Fe composition axis of the Fe-Ni-Cr ternary
system. The Schaeffler prediction shows that the ferrite content varies from 0% at
23.3 wt.% Cr to 100% at 34 wt.% Cr and predicts a linear increase in ferrite content
for the compositions studied that varies from 23.3 to 26.5 wt.% Cr. The predicted
amount of ferrite deviates sharply from this linear relationship to higher ferrite
contents at chromium levels greater 26.5 wt. %. The measured ferrite contents are
close to the predicted values and follow an interesting trend. For chromium contents
above 26.5%, i.e. in the nonlinear Schaeffler region, the measured values are lower
than the predicted values. For chromium contents below 26.5%, i.e. in the linear

Schaeffler region, the measured values are higher than the predicted values.
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The differences between the measured and predicted values can be explained by
the fact that the cast alloys cool at a slower rate than what the Schaeffler predictions
arc based on. It was shown in Chapter 5 that below 27 wt. % chromium, the cast
alloys containing 59% Fe solidify in a duplex ferrite-austenite modes while above 27
wt. % chromium, the alloys solidify in the fully ferritic mode. This change in
solidification modes at 27% Cr can be used to explain the deviation in linearity of the
Schaeffler prediction and also can be used to explain the difference in predicted and
measured values above and below 27% Cr.

The deviation of the Schaeffler prediction from its initial, low Cr, linear
behavior is associated with the change in solidification modes from the FA to the F
mode. In the FA mode, increases in chromium content increase the amount of ferrite
that solidifies from the melt. Therefore, there is a general increase in the ferrite
content with increasing chromium. When the chromium level is increased to the point
where the solidification becomes fully ferritic, there is no further increase in the
amount of ferrite that forms during solidification with increasing chromium and the
resulting ferrite content is solely dependent upon the amount of ferrite to austenite
transformation that occurs. This transformation requires nucleation of Widmanstatten
austenite at the ferrite grain boundaries. Since the grain boundary area is much less
than the interdendritic area where austenite is present in the FA mode, less
transformation occurs in the fully ferritic mode.

The difference between the measured ferrite content of the castings and the
predicted values from the Schaeffler diagram can be explained by transformation
kinetics. The ferrite content of alloys which solidify in the fully ferritic mode are
very sensitive to cooling rates. A slower cooling rate allows more time for austenite
to nucleate and grow from the fully ferritic microstructure. Therefore, slower
cooling rates always result in lower residual ferrite contents. Since the castings zool
at a slower rate than the Schaeffler predictions, a lower ferrite content is expected in
the castings.

_ In the FA mode however, the situation is more complicated because two phases
solidify from the melt. A slower cooling rate allows for more segregation, creates a
large dendrite arm spacing and allows more time for the ferrite to austenite
transformation. These factors have mixed effects on the residual ferrite content. In

the FA mode, more segregation means less ferrite, however, the ferritc that forms will
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have a higher Cr/Ni ratio and will be more resistant to transformation. A larger
dendrite arm spacing has less austenite/ferrite interfacial area which provides less
area for austenite growth during the transformation, however, the slower cooling rate
allows for more transformation and helps to balance this factor. Therefore, the
situation is complicated and the effect of a slower cooling rate is difficult to predict
in the FA mode. The experimental results show that the castings have more ferrite
than the Schaeffler diagram estimates and indicates that the larger dendrite arm
spacing and higher stability of the ferrite outweigh the lower initial amount of

ferrite and the greater time for the ferrite to transform at lower cooling rates.

6.2 The Ferrite Content of Electron Beam Surface Melts

Electron beam surface melts were performed on each of the alloys to produce
cooling rates that varied from 4.7 x 102cC/s to 7.5 x 108cC/s. The ferrite content was
shown to change significantly with cooling rate. These changes can be described by
the influence of cooling rate on the mode of solidification, the amount of
solidification segregation and the extent of the solid state transformation of ferrite.

The ferrite content of each alloy was measured by the vibrating sample
magnetometer method which is described in Chapter 3 and the results of the ferrite
measurements are presented in Table 6.3 for each of the seven alloys and each of the
solidification conditions. Three readings were made on each cast alloy and one
reading was made on each electron-beam melt. At the highest travel speed, 5 m/s, the
samples were too small to be extracted without substrate contamination., Nevertheless,
the results showed the ferrite content of these melts to be close to 100% ferrite for
the primary ferrite solidified alloys and close to 0% ferrite for the primary austenite
solidified alloys.

Two types of diagrams representing the ferrite content as a function of cooling
rate are shown in this chapter. The actual measured ferrite content is plotted versus
scan speed on figures 6.5, 6.7, 6.9, 6.11 and 6.14. The second type of diagram is
schematic in nature and represent the estimated amount of ferrite for particular
idealized solidification modes. Figures 6.6, 6.8, 6.10, 6.12 and 6.13 are plotted as
approximate ferrite content versus approximate cooling rate where the cooling rate

scale of these figures is similar to that of the actual ferrite content versus scan speed
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figures. By selecting the scales of ferrite content and cooling rate to be the same for
the actual and schematic drawings, figures 6.5 through 6.13 can be directly compared

to observe changes in the ferrite content with cooling rate.

6.2.1 Primary Austenite Solidified Alloys 1, 2 and 3

The behavior of alloys which solidify in the A or AF modes will be described by
examining the behavior of alloys I, 2, and 3. Alloy 1 solidifies in a fully austenitic
mode at all cooling rates and contains no ferrite. Alloys 2 and 3 both solidify in an
austenitic-ferritic mode at low cooling rates and in a fully austenitic mode at high
cooling rates. Therefore, the ferrite content of these alloys decreases as the cooling
rate increases. The results presented here show that the amount of second phase
ferrite decreases with increasing scan speed. This behavior can be e¢xplained by
undercooling at the dendrite tip. Chapter 7 will present calculations which show that
the dendrite tip undercooling increases with increasing scan speed and that the
amount of second phase which forms decreases accordingly.

Figure 6.5 shows the measured ferrite content versus scan speed relationship for
alloys 1, 2 and 3. Alloy | is fully austenitic at all speeds and its ferrite content is
zero regardless of the cooling rate. Alloys 2 and 3 both have ferrite contents in the
arc cast condition (0.7 mm/s equivalent speed) which are close to the Schaeffler
prediction and both have a gradual decrease in ferrite content as the scan speed is
increased. Alloy 2 reaches zero percent ferrite at a scan speed of about 100 mm/s
while Alloy 3 reaches zero percent ferrite at slightly higher speeds. The fact that
Alloy 3 has more ferrite and requires higher scan speeds to reach zero percent ferrite
than Alloy 2 is a result of its higher Cr/Ni ratio.

The cooling rate influences the ferrite content in two ways. Firstly, it influences
the amount of ferrite which solidifies from the melt. Sarreal and Abbaschian [6.9]
have shown that the amount of second phase that forms reaches a maximum value at
intermediate cooling rates. At high rates, dendrite tip undercooling increases the

percentage of primary phase and reduces the amount of second phase that forms.
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At low cooling rates, back diffusion in the solid reduces the amount of second phase
which forms. Between these extremes, the second phase reaches a maximum amount
at a cooling rate of about 100°C/s in the Al-Cu system and this amount corresponds to
the amount of second phase predicted by the Scheil equation. Secondly, the cooling
rate influences the amount of ferrite which transforms to austenite. At high rates
there is no time for transformation to occur while at low rates the maximum amount
of ferrite transforms and the ferrite content approaches it equilibrium value.

These two factors are schematically shown in Fig. 6.6. At low cooling rates, a
high percentage of ferrite transforms to austenite while at high cooling rates, the
percentage that transforms approaches zero. Therefore, 3 maximum in the amount of
residual ferrite also occurs at an intermediate cooling rate for primary austenite
solidified alloys. Comparing the actual amount of residual ferrite in Alloys 2 and 3
(Fig. 6.5) with Fig. 6.6 shows that the tests performed in this study all occur at the
high cooling rate side of Fig. 6.4 since a peak in the actual ferrite content was not
observed. This fact is confirmed by a small value (a< 0.1) of the Brody-Flemings back
diffusion parameter in the arc cast buttons and even smaller values for the

electron-beam melts.

6.2.2 Alloy 4

Alloy 4 behaves uniquely because it solidifies in a primary ferritic mode (FA) at
low cooling rates and in a primary austenitic mode (AF or A) at high cooling rates.
This change in solidification behavior has a significant effect on the ferrite content.
Figure 6.7 shows the actual ferrite content of Alloy 4 as a function of the electron
beam scan speed. The ferrite content wac measured by the vibrating sample
magnetomcter and the results are compared to the amount predicted by the Schaeffler
diagram.

As the scan speed increases from 0.7 to 100 mm/s, the ferrite level increases from
14 to 18 percent. In this region, the mode of solidification is FA and the increase in
ferrite content is caused by the increase in the amount of primary ferrite that
solidifies and the decrease in the amount of ferrite that transforms. At scan speeds
above 100 mm/s, the ferrite content decreases because the FA mode of solidification

is being replaced by the AF or E mode of solidification and finally
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the fully austenitic mode of solidification. The change in solidification modes with
scan speed was discussed in Chapter 5 and is shown in Fig. 5.11.

The separate contributions of solidification and solid-state transformation are
schematically shown in Fig. 6.8 for primary ferrite solidified alloys. This figure
illustrates both the amount of ferrite that solidifies from the melt and the amount of
ferrite that transforms as a function of cooling rate. The ferrite content versus
cooling rate behavior passes through a minimum for primary ferrite solidified alloys
rather than a maximum as it did for primary austenite solidified alloys and the
minimum occurs at an intermediate cooling rate when the highest volume fraction of
second phase austenite solidifies. The range of cooling rates over which alloy 4
solidifies in the FA mode is indicated on this diagram and occurs where the amount
of ferrite is sho‘wn to increase with cooling rate.

At scan speeds greater than 100 mm/s, the residual ferrite content of Alloy 4
decreases and reaches zero percent at speeds above 500 mm/s. The decrease in ferrite
content can not be explained by primary ferrite solidification. Examination of the
microstructure showed primary austenite (AF and A) solidified regions in the high
speed melts, At 100 mm/s, approximatcly 20% of the microstructure solidified in the
AF mode but at 2000 mm/s, 90% of the microstructure solidified in the A or AF
modes. This change in solidification mode explains the decrease in ferrite content
after the initial increase in ferrite with increasing cooling rate. The microstructure
of Alloy 4 at low and at high scan speeds was discussed in Chapter 5 and is shown in
Fig. 5.12.

6.2.3 Alloy 5

Alloy 5 solidifies in a fully ferritic mode or in an FA mode at low cooling rates
and follows a similar pattern as Alloy 4 up to 100 mm/s. However, at higher travel
speeds, Alloy 5 solidifies only in the fully ferritic mode and the low cooling rate
portions of the melt undergoes a transformation to Widmanstatten austenite while the
high cooling rate portions of the melt undergo a transformation to massive austenite.
Therefore, the amount of ferrite which solidifies from the melt in Alloy 5 is quite
different from that in Alloy 4, but, because of the massive transformation of ferrite,

the residual ferrite content in Alloy 5 also decreases at high cooling rates.
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The measured ferrite content of Alloy 5 is plotted versus scan speed in Fig. 6.9.
The solidification mode is primary ferrite, FA, at scan speeds below 100 mm/s. The
ferrite content increases with cooling rate just as in the FA solidification mode region
of Alloy 4. At scan speeds greater than 100 mm/s, the solidification modc begins to
convert to the fully ferritic mode. At 100 mm/s, approximately 30% of the melt
solidifies in the F mode and these regions are concentrated close to the melt
periphery. At scan speeds of 500 mm/s and higher, 100% of the melt solidifies in the
fully ferritic mode. This transition was discussed in Chapter 5 and the microstruc-
tures of the melts are shown in Fig. 5.10.

The massive transformaticn only occurs in alloys which solidify in the fully
ferritic mode. If second phase austenite is present, FA mode, the austenite provides
heterogeneous nucleation sites which begin to transform before the alloy has reached
sufficient undercooling to nucleate the massive austenite grains. Alloy 5 becomes
fully ferritic at cooling rates of 105 OC or greater but the actual ferrite content of
Alloy 5 does not show a sharp drop in ferrite content with travel speed. This occurs
because the surface melts do not cool at a uniform rate and allows a percentage of
the melt to transform as massive austenite and the remainder of the melt to transform
as Widmanstatten austenite. The percentage of the microstructure that transforms
into massive austenite grains increases with cooling rate and creates a smooth
transition between the FA and F modes. This behavior is responsible for the
maximum in the ferrite versus cooling rate curve.

At scan rates greater than 2000 mm/s the ferrite content begins to increase.
Examination of the microstructure shows that these melts also solidify in a fully
ferritic mode and that this ferrite also undergoes a massive transformation, however,
some¢ of the original ferrite is left behind in the microstructure because only a
portion of the ferrite transforms to austenite. This behavior will be discussed in
more detail in Chapter 8 and is a result of incomplete mixing in the high spccci
surface melts which leave regions of high Cr/Ni ratio ferrite that are resistant to the
massive transformation.

Figure 6.10 schematically shows the behavior of Alloy 5 which solidifies as
primary ferrite and then undergoes a massive transformation of ferrite in the fully
ferritic solidified regions. The amount of ferrite that solidifies from the melt is the

same as that which is schematically indicated in Fig. 6.8 in the FA regions, however,
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because of the change in the solid state transformation mechanism at high cooling
rates, the residual ferrite content is drastically reduced. The massive transformation
occurs without jong-range diffusion and requires undercooling below its Ty
temperature, therefore it is only observed at high cooling rates. Alloy 5 is the only
alloy to show this behavior becau:e the remaining alloys which solidify in a fully
ferritic mode have higher Cr/Ni ratios and have ferrite compositions which are stable

enougk (0 prevent the massive transformatien.

6.2.4 Fully Ferritic Solidified Alloys 6 and 7

Alloy 7 solidifies in the fully ferritic mode at all of the scan speeds investigated
in this study and Alloy 6 solidifies in the fully ferritic mode at scan speeds greater
than 25 mm/s. Under these conditions, changes in the ferrite content with cooling
rate are directly related to the extent of the ferrite to austenite solid state phase
transformation.

The ferrite content versus scan speed relationship is shown for Alloys 6 and 7 in
Fig. 6.11. This diagram indicates that the residual ferrite content increases from its
arc cast value of about 30% to 100% at a scan speed of 6 mm/s in Alloy 7 and 25
mm/s in Alloy 6. The ferrite contents are compared with the Schaeffler predicted
values and show that in the cast condition (0.7 mm/s equivalent scan speed) the
ferrite contents are slightly lower than predicted by the Schaeffler diagram. This
fact has already been discussed and is caused by the difference in cooling rates
between the castings and arc welds. The influence of cooling rate on the
microstructure of fully ferritic solidified alloys is the best understood of the cases
studied because the amount of ferrite that solidifies from the melt is known to be
100% and the average ferrite composition is the same as. the nominal alloy

composition.

The schematic solidification and solid-state transformation behavior of these
alloys is shown in Fig. 6.12. The 100% ferrite line represents the amount of ferrite
that solidifies from the melt and the residual ferrite is related to the amount of time
for the solid' state transformation to occur. At slow cooling rates, more time is

allowed for the transformation and a lower ferrite content results.
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Therefore, the ferrite content increases with cooling rate to the point where no
transformation occurs and the microstructure remains fully ferritic. The critical
cooling rate where transformation is suppressed is a function of composition and this

critical cooling rate decreases with increasing Cr/Ni ratio of the alloy.

6.3 Summary and Conclusions

For alloys which solidify in the AF mode, the residual ferrite content was shown
to decrease with increasing cooling rate. This behavior is easily explained by the
decrease in the amount of ferrite that solidifies from the melt as the cooling rate is
increased and a quantitative analysis of solidification segregation will be presented in
Chapter 7 to describe this behavior. Figure 6.13 shows that the ferrite content of
Alloys 1, 2, and 3, which solidify in the AF mode, approaches zero as the scan speed
is increased. The measured residual ferrite content of Alloys I, 2, and 3 is shown in
figure 6.14 to confirm this behavior. The scan rate required to produce fully
austenitic behavior increases with increasing Cr/Ni ratio of the alloy due to the
higher amounts of chromium and nickel ’solute’ that are associated with higher Cr/Ni
ratio alloys. Alloy 4 solidifies in the AF mode at scan speeds greater than 100 mm/s,
therefore, its ferrite content also approaches zero at the high speeds.

Alloy 4, at scan speeds less than about 100 mm/s, and Alloy 5, at scan speeds less
than about 10 mm/s, solidify in the FA mode and the amount of ferrite that forms
during solidification increases with increasing cooling rate. The approximate amount
of ferrite that solidifies from the melt in these alloys is indicated in Figure 6.13. The
equilibrium ferrite content is represented at low cooling rates and this figure shows
that a smaller amount of second phase ferrite forms at intermediate cooling rates.
Hlowcvcr, this trend is reversed at higher cooling rates which leads to a minimum in
the ferrite cooling-rate curve. Neither Alloy 4 nor Alloy 5 solidify in the FA modes
at high cooling rates and their solidification behavior becomes fully austenitic or

fully ferritic respectively,

The effect of cooling rate on the solid state transformation bechavior in the FA
solidified alloys is such that less of the ferrite transforms as the cooling rate

increases. This fact is discussed in Chapter 8 by considering both the reduction in
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dendrite arm spacing and the reduction in characteristic diffusion distance as the
cocling rate is increased. Therefore, the residual ferrite of FA solidified alloys,
shown in Figure 6.14, is reduced more at low cooling rates and this tends to remove
the minimum in the residual ferrite versus cooling rate behavior of these alloys.
Although Alloy 4 and Alloy 5 solidify with different primary modes of
solidification at high cooling rates, their ferrite versus cooling rate behavior is
similar. This apparent anomaly was related to the formation of massive austenite in
Alloy 5 at high cooling rates which rapidly transforms the ferrite to austenite because
of its high interface velocity. These aspects will be discussed in more detail in
Chapter 8 and since the massive transformation leaves some residual ferrite in the

microsiructure, Alloy 5 does not approach zero ferrite at high cooling rates.
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Figure 6.13 Summary of the estimated trends of the amount of ferrite t!Iat
solidifies for each of the seven alloys, as a function of cooling

rate.
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Alloys 6 and 7 solidify in the fully ferritic mode for all of the conditions studied.
During cooling, the ferrite transforms by the nuplcation and growth of Widmanstatten
platelets. Therefore, the residual ferrite content of these alloys increases with
increasing cooling rate due to the reduced amount of time for growth of austenite. A
critical cooling rate was observed, whc;e no transformation occurs in these alioys.
This cooling rate is higher for the lower ‘Cr/Ni ratio alloys due to the reduced
thermodynamic stability of ferrite of the lower Cr/Ni compositions.

Based on the measured ferrite contents of the electron beam melts and the
metalilographic observations of the microstructure, the following conclusions can be

made relating the effects of cooling rate to the ferrite content of stainless steel alloys.
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Figure 6.14 Summary of the measured residual ferrite contents in the seven
alloys as a function of electron beam scan speed.
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Conclusions

1. The composition and the primary mode of solidification determine how the

cooling rate will influence the amount of ferrite that solidifies from the melt.

2. At high cooling rates the alloys solidify in either the fully ferritic or fully

austenitic modes with no secend phase in the microstructure.

3. At low cooling rates, the residual ferrite content increases for F and FA
solidified alloys but decreases for AF solidified alloys. This behavior can be
explained by the combined effects of the decreasing amount of solute
segregation and the decreasing amount of ferrite transformation with

increasing cooling rate.

4. Based on conclusions 2 and 3, one would expect the ferrite content in the alioys
to either increase towards the fully ferritic condition or decrease towards the
fully austenitic condition as the cooling rate increases. However, the residual

’ ferrite content of Alloys 4 and 5 goes through a maximum at intermediate
cooling rates. This behavior was explained by 1) the change in solidification
mode of Alloy 4 from FA to AF with increasing cooling rate and 2) the

formation of massive austenite in Alloy 5 at high cooling rates.
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CHAPTER 7

The Influence Of Cooling Rate On
Solute Redistribution And Second Phase Formation

The preceeding chapters investigated the effects that cooling rate and composition
have on the ferrite content and morphology of resolidified stainless steel alloys. For
the most part, the results were émpirical and were based on the observations of the
electron beam surface melts. This chapter takes a more fundamental approach, by
studying the effect of cooling rate on the factors which are responsible for

solidification segregation.

Microsegregation can be modeled sufficiently well to predict the influence of
cooling rate on solute redistribution in binary alloy systems [7.1]. The factors which
influence microsegregation include the physical properies of the alloy, the
solidification parameters and the kinetic response of the system, all of which are
known or can be estimated in many binary alloy systems. In ternary alloy systems,
such as the Fe-Ni-Cr, the redistribution of solute during solidification is much more
difficult to model and to verify because of the lack of information about the

behavior of ternary alloys.

The difficultics associated with predicting microsegregation in ternary alloy
systems are related to the lack of information about the solidification parameters,
For example, the ternary component gives the system an additional degree of freedom
which leaves the solidification path unspecified, therefore, it must be determined
experimentally or estimated by solidification modeling. Methods to predict the
solidification paths in the Fe-Ni-Cr system will be presented in the first section of
this chapter and once the solidification path has been established, the remaining
paramters which influence solidificaion can be dctcrmihcd from the equilibrium

phase diagram.

Predicting the amount of microsegregation involves other difficultics as well.
Interface instabilities leading to cellular or dendrite growth need to be taken into

account and the solute redistribution models are based on assumptions which have to
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be carefully justified. These factors were studied in the Fe-Ni-Cr ternary system and
the results were used to calculate solute redistribution as a function of interface
velocity for the electron-beam surface-melted alloys. The solute redistribution
calculations incorporate undercooling at the dendrite tip using a constrained dendritic
growth model and the results were used to predict the amount of primary and second

phase ferrite that solidifies in each alloy as a function of electron beam scan speed.

The solidificaton segregation model predicts the amount of ferrite that forms
during solidification but does not incorporate the effects of the solid state
transformation that occurs in the low cooling rate melts. Therefore, the calculated
ferrite contents represent an upper bound for the residual ferrite content and this
upper bound provides a useful starting point for understanding microstructures which
develop in resolidified stainless steel alloys. 1n addition, the dendrite tip calculations
can be used to predict the solidificaton conditions that lead to the undercooling
necessary for the growth of metastable phases by comparing the undercooling at the
dendrite tip with the thermodynainically calculated equilibrium and metastable phase

diagrams.

7.1 Solidification Paths and Parameters in the Fe-Ni-Cr System

During the solidification of binary alloys, the composition of the solid and liquid
phases are given by the solidus and liquidus lines respectively. Therefore, the
solidification path and tic lines are known by virtue of the fact that the Gibbs phase
rule allows zero degrees of freedom for two phases in equilibrium at constant

temperature and pressure.

If a third component is added to the system, two phases will be in equilibrium at
constant temperature and pressure but one degree of freedom stiil exists. This
compositional degree of (reedom extends the liquidus and solidus lines into surfaces.
The tie lines which join the liquidus and solidus surfaces are not fixed in any given
temperature-compgcsition plane and are not known a priori. Therefore, without
knowledge of the tie line locations, the path that the solid and liquid compositions

follow during solidification is also not known.
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Fortunately, thermodynamic calculation of phase equilibria in ternary alloy
systems has been refined to the point where tie lines can be predicted in many
systems. These types of calculations will be briefly summarized in this section and
resnlts will be presented which show the location of tie lines and solidification paths
for the alloys studied in this investigation. From these solidification paths,
pseudobinary diagrams will be determined to represent the solidification behavior of

each alloy and the solidification parameters can be determined from these diagrams.

7.1.1 Solidification Paths

Isothermal sections were calculated in the Fe-Ni-Cr system using the Thermocalc
software package. Details of the computations and plots of the isothermal sections
are summarized in Appendix C. The results of the calculations give information
regarding phase equilibria, including tie lines in all of the two-phase regions, for

temperatures ranging from 1023K to the melting point of chromium,

From a solidification standpoint, the most important isothermal sections are those
which are close to the liquidus temperature. Figure 7.1 shows the 14120C isotherm
and illustrates the tie line locations for primary austenite and primary ferrite
solidification. The Fe-Ni-Cr system has a small temperature difference between the
liquidus and solidus and the orientation of the tie lines does not change significantly
from the beginning to the end of solidification. Therefore, these tie lines can be used
to approximate the solidification path because segregation will be in the general tie
line "direction" until the remaining liquid reaches the line of two-fold saturation. At
this temperature, the liquid composition follows the line of two-fold saturation while
three phases (liquid, austenite and ferrite) coexist until solidification is completed at
the minimum in the line of two-fold saturation (49%Cr, 43%Ni, 8%Fe). The
solidification paths for alloy 1 (primary austenite) and alloy 7 (primary ferrite) are
shown in Fig. 7.2, based on the extrapolated tie lines, the initial composition of the

alloys and the line of two-fold suturation [1.32].

The solidification path can be determined more accurately by accounting for tic
line movement with temperature. This requires a solidification model which

incorporates thermodynamically calculated tie lines and adjusts thc interfacial
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compositions as a function of solidification temperature. One such model was
developed by Kundrat [7.2, 7.3] and utilizes the Scheil approximation to represent
solute redistribution. Kundrat's model was used to calculate solidification paths for
alloys 1 and 7 in the Fe-Ni-Cr cernary system [{7.4] and these paths are shown in Fig.
7.3. Also plotted in this figure are the tie lines predicted by Thermocalc to show that
the two methods of predicting the solidification paths give similar results. The
closeness of these estimations is related to the narrow separation between liquidus and
solidus temperatures and the fact that the tie-lines generated by Kundrat’s model are

nearly identical to those generated by Thermocalc.
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Figure 7.1 Thermodynamically calculated isothermal section t.h'roug_h the
Fe-Ni-Cr ternary system at 1413°C showing the orientation of
tie-lines in the two-phase regions at temperatures close to the
solidification range of the seven alloys.
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Figure 7.2 shows that the solidification paths do not curve significantly from the
initial solidification composition to the composition where the liquid reaches the iine
| of two-fold saturation. Therefore, the solidification paths can be approximated by
straight lines which is fortunate because it allows the ternary alioys to be treated in a
manner similar to that of binary alloys. The pseudobinary diagram, which represents
‘the solidification behavier along these paths, can be determined by plotting the

temperature-composition vertical plane containing these paths.
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Figure 7.2 Solidification paths for Alloys I and 7 estimated from the linear
extrapolation of the tie lines shown in Figure 7.1.
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7.1.2 Pseudobinary Diagrams to Represent Sclidification Behavior

Pseudobinary diagrams were determined for primary austenite and primary ferrite
solidification behavior using the thermodynamically calculated isothermal phase
diagrams and the solidification paths presented in Fig. 7.3. These diagrams are shown
in Figures 7.4 and 7.5 and represent the solidification behavior for primary ferrite
and primary austenite solidified alloys that contain 59 wt.% Fe. Constant Fe vertical
sections have been used in the past to estimate the solidification behavior of stainless

steel alloys by many investigators. However, these diagrams do not accurately
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Figure 7.3 Solidification paths for Alloys 1 and 7 calculated by solidifica-
tion segregation modeling.
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represent the solidification segregation since the tie lines in the L+S phase fields do
not lie in the constant Fe plane. By choosing the vertical sections presented in
Figures 7.4 and 7.5 to lie along the solidification path, the tie-lines also lie in these
planes. Therefore, the diagrams presented in Figures 7.4 and 7.5 accurately represent
the solidification behavior of primary ferrite and primary austenite solidification
conditions. These new diagrams are significant improvements over the constant Fe
vertical sections used in the past.

Partition ratios, k, and the slope of the liquidus surface, my, , can be determined
for Cr and for Ni partitioning from the pseudobinary diagrams using the following

equations [7.5]:

k, = —! 7.1
oT,
= 7.2

where L refers to liquid, the subscript i denotes Cr or Ni and the subscript j denotes
the austenite or ferrite phases. The other nomenclature which are used in this chapter
are summarized in Table 7.6. Figure 7.4 can be used to calculate k and my, for Ailoy
1 (primary austenite) where the subscript j denotes the austenite phase while Figure
7.5 can be used to calculate k and my, for alloy 7 (primary ferrite) where the subscript

j now denotes the ferrite phase.

Since the liquidus and solidus lines along the solidification paths are nearly linear
with composition, k and my can be treated as constant throughout the solidification
process and their numerical values are summarized in Table 7.1. Since the initiél
compositions of the primary austenite solidified alloys (1,2,3) are similar it can bec
assumed that k and myp will not be significantly different for alloys 1, 2 and 3.
Likewise, the compositions of the primary ferrite solidified alloys (4,5,6,7) are similar
and should have similar solidification scgregation behavior. Therefore, the values of
k and my calculated for alloy 1 can be used to represent the behavior of alloys 2 and
3 while k and my calculated for alloy 7 can be used to represent the behavior of

alloys 4, 5 and 6.
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