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Abstract 

High manganese steels are promising candidates for applications in cryogenic 

environments. In this study, we investigate the mechanical and microstructural responses 

of a high manganese twinning induced plasticity (TWIP) steel at a low-temperature range 

(from 373 to 77 K) via in situ neutron diffraction qualification and correlative microscopy 

characterization. During plastic deformation, stacking fault probability and dislocation 

density increased at a faster rate at a lower temperature, hence, higher dislocation density 

and denser mechanical twins were observed, confirmed by microscopic observation. 

Stacking fault energy was estimated, dropping linearly from 34.8 mJm-2 at 373 K to 17.2 

mJm-2 at 77 K. A small amount of austenite transferred to martensite when deforming at 

77 K. The contributions to flow stress from solutes, grain boundary, dislocation, and 

twinning were determined at different temperatures, which shows that the high work strain 

hardening capacity of the TWIP steel originates from the synergetic strengthening effects 

of dislocations and twin-twin networks. These findings reveal the relationship among 

stacking fault energy, microstructure, and deformation mechanisms at the low-temperature 

range, paving a way in designing TWIP steels with the superb mechanical performance for 

cryogenic applications. 

 

Keywords: 

Cryogenic temperatures; Deformation twinning; Neutron diffraction; deformation 

pathways. 

 

1. Introduction 

There is a rapidly growing demand for development of metallic materials to be used at 

cryogenic temperatures such as liquified gas (e.g. natural gas and hydrogen) storage and 

transportation, nuclear fusion devices, and for outer-space exploration  [1–3]. High Mn 

austenite steels are promising candidates not only due to their superior ability to resist low-
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temperature cracking, excellent work hardening capacity and the associated superb 

strength-ductility combination [2–5], but also because that their costs are lower compared 

to austenite stainless steels [6], 9% Ni steels [7] and medium/high entropy alloys [8,9].  

High Mn austenite steels with Mn content in the range of 15 to 30 wt.% are known to 

trigger nano-twinning during deformation [2,10], achieving excellent mechanical 

performance with high strain hardening. The activation of twinning effects is closely 

related to the temperature- and composition-dependent stacking fault energy (SFE) [11–

13]. When SFE is higher than 45 mJm-2, dislocation sliding takes the main role, whereas 

twinning is favored when SFE dropping to the range of 18~45 mJm-2. If the SFE is further 

decreased to a very low level (<18 mJm-2), phase transformation can be triggered due to 

the negative value of molar Gibbs energy of the transition from FCC-austenite to HCP-

or/and BCT-martensite. Although this relationship between SFE and deformation 

mechanisms is well known, the measurement of SFE in high Mn steels at the low-

temperature regime has rarely been reported. Theoretical calculation based on 

thermodynamics [4] and first principle [14] was used to determine the temperature 

dependence of SFE, but experimental measurements are rare and critically needed for 

model validation. 

 

Measurement of SFE of high Mn steels at cryogenic temperature is, hence, valuable for 

alloy development and understanding of deformation mechanisms. SFE can be obtained 

usually from transmission electron microscope (TEM) micrographs of unloaded specimens 

deformed to a certain strain [15,16]. This means that for cryogenic deformed specimens, 

we have to raise the temperature of the frozen samples to room temperature for sample 

preparation and TEM observation, which could lead to a significant change of the stacking 

fault structure hence the SFE measurement may not be reliable. Recently, in situ methods 

for mapping microstructure evolution during cryogenic deformation have been developed, 

such as in situ TEM [17] and in situ neutron diffraction [8,18,19]. In situ TEM shows 

remarkable advantages in observing the dislocation motion, slip band formation and 

primary/secondary twinning formation during deformation and should be a promising 

approach for SFE measurement, although implementation of in situ TEM at extremely low 

temperature is difficult [17,20]. In situ neutron diffraction combined with loading at 

cryogenic temperatures, on the other hand, not only can quantitatively depict the 

microstructural evolution of bulk materials (e.g., interplanar crystal lattice spacing [4], 

phase identification [21] and dislocation density [8,22]), but also allows us to measure SFE 

at extremely low temperatures as low as 15 K [19].  

 

Although twinning is known to occur during the deformation of high Mn steels with SFE 

between 18 to 45 mJm-2, the contribution of deformation-induced twins to their high work 

hardening capacity is under debate. It is widely accepted that during deformation, strain-

induced twinning boundary serves as an effective barrier to impede dislocation gliding by 

reducing their mean-free-path. This leads to substantial strength enhancement under 

progressing strain, which is best known as “dynamic Hall-Petch effect” [23,24], providing 

sustained high work hardening rate. However, this concept was challenged recently. Liang 

et al. [25] demonstrated that dislocation motion is the main source for the high work 

hardening rate of TWIP steels while the twinning contribution is insignificant. Therefore, 
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it is important to further shed light on the contributions of twinning and dislocation towards 

the work hardening.  

 

Herein, we investigated the cooperative strengthening effects from dislocation motion and 

mechanical twinning in a high Mn TWIP steel (Fe-24Mn-4Cr-0.5C-0.5Cu) at a low-

temperature range (from 373 to 77 K). The in situ neutron diffraction and tensile testing 

were performed to capture the microstructure evolution during deformation. The 

diffraction spectra were analyzed to obtain manifold microstructural parameters (e.g., 

lattice strain, stacking fault probability, SFE and dislocation density). After the tensile tests, 

microscopic observation has been carried out on the fractured samples to characterize the 

microstructure. Additionally, the strengthening contributions from various strengthening 

mechanisms have been determined at different deformation temperatures. This work 

provides an in-depth micro-mechanical understanding of the superior mechanical 

properties via dislocation-TWIP collective deformation mechanism. 

 

2. Materials and methods 

2.1 Material processing 

The material was provided by Baosteel company. High purity metals (purity≥99.9%) were 

melted to cast an ingot with a composition of Fe-24Mn-4Cr-0.5Cu-0.5C (wt.%) by vacuum 

induction melting and casting. After homogenization at 1473 K for 48 h, the ingot was then 

subjected to hot rolling at 1200 K, followed by water quenching to room temperature.  

 

2.2 in situ Neutron diffraction 

In situ time-of-flight (TOF) neutron diffraction measurements during tensile tests were 

carried out on the ENGIN-X diffractometer with a stress rig, provided by ISIS spallation 

neutron source, the Rutherford Appleton Laboratory, UK [26]. The schematic illustration 

of the in situ TOF neutron diffraction experiment is shown in Fig. 1a. The incident beam, 

containing pulses of neutrons with a continuous range of speed and therefore wavelength, 

traveled through the moderator and was defined by slits with size of 4 × 4 mm2. Two ±90° 

detector banks, radial and axial one, were mounted perpendicularly to the incident beam 

direction. They are capable of continuously collecting diffracted neutron beams from 

crystallographic grain planes subjected to compressing and tensile force, respectively. The 

intersection of the incident beam and 4 mm diffraction beam (defined by the width of 

collimator) determined the scattering gauge volume to be 4 × 4 × 4 mm3. Dog-bone tensile 

samples (Fig. 1c) with gauge volume of Φ 8 × 32 mm3 were placed at a cryogenic chamber, 

which provides a high-vacuum environment (<10-5 Pa) (Fig. 1b). Deformation temperature 

change was achieved by a built-in heater and two liquid helium tubes [27]. The temperature 

was stabilized for 30 minutes at the high vacuum state before tensile loading and collecting 

diffraction signals. The tensile forces were provided by an Instron stress rig with a load 

capability of ±100 kN mounted horizontally and 45° to the incident beam. A series of 

measurements were performed during the tensile tests and each diffraction pattern 

collection consumes 20 minutes between tensile loading steps, iterating until sample 

fracture. An extensometer was used to measure the strain during tensile loading. Prior to 

data collection, a standard sample (CeO2) was used for precise calibration of the 

experimental geometry (e.g., primary and secondary flight path distance) and for 
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subtraction of the instrumental broadening effect. The GSAS software package was applied 

to perform peak fitting (with pseudo-Voigt function) and Rietveld refinement, allowing the 

determination of peak position, full width at half maximum (FWHM) and lattice parameter. 

The lattice strain is defined as the change of inter-planar distance of a given grain family 

due to the applied stress. The inter-planar spacing from different crystallographic plane 

{hkl} without stress ( 0

hkld ) and under different stress conditions ( hkld ) were applied to 

evaluate the evolution of lattice strain ( exp

hkl ) via: 

 

0

0

exp hkl hkl
hkl

hkl

d d

d


−
=  (1) 

To estimate the contribution of dislocation multiplication to the strength enhancement, the 

quantitatively analysis of dislocation density was necessary. We performed dislocation 

density calculation based on a modified Williamson-Hall method [28,29]. The detailed 

calculation procedure can be found in the Supplementary Material. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

2.3 Microstructure characterization 

Samples for microstructure observation were sectioned from the fractured tensile bars after 

the tensile tests. After mechanical grinding and polishing, a solution consisting of dilute 

hydrochloric acid and iron chloride was used for etching before optical microscope (OM) 

observation. Electron backscatter diffraction (EBSD) was performed on a field emission 

gun scanning electron microscope (FEI Sirion 200) equipped with an HKL EBSD detector 

and Channel 5 software. The EBSD maps of the as-received material are shown as image 

quality maps and inverse pole figure (IPF) maps perpendicular to the rolling direction (RD). 

The RD was marked in EBSD maps. The scanning electron microscope (SEM) beam 

parameters were set to a voltage of 20 kV, current of 25 nA, spot size of 6.5, working 

distance of 168 mm and the scanning step size was set to 0.7 µm for the as-fabricated 

sample and to 0.03 µm for deformed samples. The EBSD data was then analyzed with a 

Matlab package, MTEX [30]. Misorientation angle less than 2° were ignored during the 

analysis to avoid ambiguous grain boundaries. For transmission electron microscope (TEM) 

and scanning transmission electron microscope (STEM) characterization, thin foils 

Fig. 1 (a) Schematic illustration of in situ neutron diffraction facility at ISIS, neutron and muon source; 

(b) the size of tensile bar; and (c) the cryo-chamber and hydraulic system. 
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obtained by grinding and polishing were prepared by twin-jet electropolishing with a 

constant current of ~150 mA in a solution of 5 % perchloric acid and 95 % methanol cooled 

to -30 ℃. TEM and STEM characterization was then performed on a JOEL 2100 and FEI 

TITAN 30-800, respectively. 

 

3. Results 

3.1 Microstructure of the as-fabricated material  

The typical IPF map in Fig. 2a shows the grain structure of the as-fabricated TWIP steel, 

which mainly consisted of large equiaxed grains with a small fraction of recrystallized 

grains. The average grain size was 14.0 ± 1.2 µm determined by performing line-intercept 

method on several optical micrographs, which is consistent with the EBSD results. 

Corresponding misorientation distribution was plotted in Fig. 2b, showing that its average 

grain misorientation angle was 28.3% with the fraction of low angle grain boundary (i.e. 

grain misorientation angle in the range of 2-15 ° ) reaching a high level of 47.6%. 

Dislocation-tangling and dislocation-free zones were observed and shown in Fig. 2c and 

2d, respectively. The dislocation networks, unevenly distributed, might be induced during 

the hot rolling and following quenching process.  

 

3.2 Mechanical properties 

Fig. 3a shows the engineering/true stress-strain curves of the alloy deformed at different 

temperatures. Corresponding mechanical properties (yielding strength ( YS ), ultimate 

tensile strength ( UTS ), total elongation and work hardening capacity (WHC)) were 

summarized with respect to deformation temperature in Fig. 3b. The WHC was calculated 

with the following equation [31]: 

 0.4 YSWHC
MG

 −
=   (2) 

, where 0.4 is the true stress at a true strain of 0.4, G is the shear modulus and M=3.06 is 

the Taylor factor. At 373 K, the steel showed very large elongation of 0.68 and relatively 

low strength ( YS of 354 MPa and UTS of 796 MPa). The YS , UTS and WHC increased 

almost linearly with the dropping of temperature (as shown in Fig. 3b and Table. (1)). An 

excellent combination of mechanical properties was achieved at 77 K, reaching YS  of 760 

MPa, UTS of 1312 MPa and total elongation of 0.56. The WHC increased from 3.46×10-3 

at 373 K to 4.99×10-3 at 77 K. The alloy showed good ductility across the temperature 

range, with the total elongation remaining at a high level of ~0.55 or higher.  

 

In order to further analyze the hardening behavior at different temperatures, the strain 

hardening rate (SHR, /d d  ) at different temperatures was plotted with respect to true 

stress in Fig. 3c. The SHR curves can be roughly divided into three stages (separated by 

dashed lines). At 373 K, the SHR curve kept dropping with the increase of true stress but 

the dropping speed varied among stages. At 293, 173 and 77 K, the SHR curves shared a 

very similar pattern: the SHR dropped rapidly at the first stage due to an elastic-plastic 

transition; Then they increased slightly at Stage II but dropped again at Stage III. The length 

of Stage II increased with decreasing temperature. At 293 K, Stage II ranged from 614 to 

841 MPa and it was then expanded at 173 K (from 804 to 1200 MPa). While at 77 K Stage 
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II lasted from 1008 to 1700 MPa until almost approaching failure. Besides, as shown in 

Fig. 3c, the dropping of deformation temperature also pushed the elastic-plastic transition 

stress (from Stage I to Stage II) to higher stress levels (521 MPa at 373 K, 614 MPa at 293 

K, 804 MPa at 173 K and 1008 MPa at 77 K). The Young’s modulus (E) as shown in Table 

2 was determined by the slope of the linear fitting function of the true stress/strain curve at 

the elastic stage. There are small variations of Young’s modulus between different 

temperatures.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 3 Mechanical performance of the TWIP steel at different temperatures: (a) true stress-strain curves; 

(b) mechanical properties versus temperatures; and (c) strain hardening rate. 
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Table 1 Mechanical properties of the alloy deformed at different temperatures 

Temperature (K) σYS (MPa) σUTS (MPa) 
Total  

elongation 
WHC (×10-3) 

373 354 796 0.68 3.46 

293 442 918 0.72 3.83 

173 625 1107 0.54 4.33 

77 760 1312 0.56 4.99 

 

3.3 Diffraction data analysis 

In situ neutron diffraction tests were carried out at four deformation temperatures (373, 

293, 173 and 77 K). The normalized diffraction patterns during tensile testing at 373 and 

Fig. 2 The microstructure of the as-fabricated TWIP alloy: (a) typical IPF map; (b) grain misorientation 

distribution  (The black line shows the random distribution misorientation); (c) HAADF-STEM image 

of a dislocation tangling zone and (d) typical bright field image and selected area diffraction pattern of 

a dislocation-free zone. 
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77 K (axial detector) were plotted against the true stress in Fig. 4a and 4b, respectively. 

FCC austenite phase (γ) was confirmed to be the matrix phase and did not transform during 

cooling. The lattice parameter of the austenite phase versus temperature was determined 

by performing Rietveld refinement. The lattice parameter at 373 K is 3.619 Å and almost 

linearly decreases to 3.610 Å at 77 K (Table 2).  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

The integrated intensity of each orientation during deforming at 373 and 77 K was 

normalized with that at undeformed state and plotted with strain in Fig. 4c and 4d, 

respectively.  The texture is almost unchanged during elastic deformation, after which the 

evolution of each orientation varies due to the inherent anisotropy of the alloy. The 

intensity of γ-(111), γ-(222), γ-(200) peaks kept increasing, indicating grains with these 

orientations gradually rotated to tensile axis. Contrarily, the γ-(220) intensity decreased 

and γ-(311) changed only slightly since (220) grains rotated away from tensile axis while 

(311) grains are stable during straining. It is worth mentioning that the intensity curves at 

both temperatures appeared to stabilize at the end of the deformation while 77 K showed 

an earlier turning point than 373 K. The saturation of the texture indicates the limited 

dislocation behavior and activation of a new deformation mechanism. Besides, no new 

reflection peaks were found when deformation temperature is between 373 and 173 K, 

indicating that the structure of the alloy is stable and remained as FCC structure during 

deformation. While at 77 K, the intensity of all 5 reflection peaks of the γ phase decreased 

initially and stabilized at large strain conditions (>0.3). One new peak indexed as the (101̅1) 

Fig. 4 Diffraction patterns with respect to true stress when deforming at (a) 373 K and (b) 77 K; 

Normalized intensity as a function of true strain at (c) 373 K and (d) 77 K. 
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plane of the HCP phase [32] appeared. This shows that there is not only texture change but 

also FCC-to-HCP martensitic transition occurred during deformation at 77 K.  

 

3.4 Lattice strain evolution 

In Fig. 5, the lattice strain evolution of five grain families ({111}, {200}, {220},{311} and 

{222}) from axial and radial direction was plotted as a function of true stress at 373, 293, 

173, and 77 K. The uncertainty of the measured strain is constrained to less than 30 

microstrain [33]. Fig. 5a shows that at 373 K, the lattice strain curves from all 

crystallographic grain planes increased linearly with true stress up to its yielding point (354 

MPa). Then a nonlinear relationship was observed at all crystallographic grain planes since 

the stress transferred from some stiff grain families (e.g., 220) to compliant grain families 

(e.g., 200) after yielding. Similar behavior was also observed at the other three 

temperatures, as shown in Fig.5b-5d. Besides, the maximum lattice strain values (both axial 

and radial directions) for all 5 grain planes increased with the dropping of deformation 

temperature.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

The elastic constants at the tensile and compressive directions were obtained from the 

linear fitting of the lattice strain of axial and radial directions before the yielding of each 

grain plane (Fig. 5), respectively. The lattice parameter evolution with stress at radial and 

axial direction were determined with Rietveld refinement. At elastic stage, the lattice 

parameters at radial and axial directions increased and decreased linearly with true stress, 

Fig. 5 Lattice strain curves of crystallographic planes {111}, {200}, {220}, {311} and {222} obtained 

from the axial and radial detectors during deforming at different temperatures: (a) 373 K (b) 293 K (c) 

173 K and (d) 77 K. 
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respectively. Their slopes were linearly fitted to determine the tensile and compressive 

Young’s modules. The ratio of the two were the Poisson’s ratio (V). The shear modulus 

(G) was calculated via 2(1 )G E V= + . The Poisson’s ratio and shear modulus at different 

temperatures are shown in Table 2. Likewise, we determined the elastic constants of each 

orientation (E111, E200, E220 and E311) as shown in Table 2. The ratio of elastic constants 

between the radial and axial directions was used to determine Poisson’s ratios at each 

orientation. At all temperatures, E111 and E200 have the highest and lowest values, 

respectively. As the temperature decreasing, the stiffness of the alloy increased. E111 and 

E311 were enhanced while E200 and E220 remained at the same level. This phenomenon can 

be ascribed to the shrinkage of atomic bonds during temperature dropping [34].  

 
Table 2 Various properties of the TWIP steel at different temperature 

Temp.  

(K) 

a0 

(Å) 

E 

(GPa) 

E111  

(GPa) 

E200 

(GPa) 

E220  

(GPa) 

E311  

(GPa) 
V V111 V200 V220 V311 

G 

GPa) 

SFE  

(mJm-2) 

77 3.610 179.4 258 131 203 171 0.257 0.207 0.344 0.284 0.289 71.4 17.2±1.1 

173 3.613 179.8 243 130 195 158 0.261 0.181 0.321 0.271 0.273 71.3 21.7±1.1 

293 3.616 179.9 235 129 191 156 0.267 0.176 0.317 0.257 0.251 71.0 30.5±1.3 

373 3.619 179.7 225 138 203 154 0.284 0.166 0.292 0.256 0.229 70.2 34.8±1.6 

 

3.5 SFP and SFE calculation 

Many studies [19,22,33] demonstrated that stacking faults accumulation at FCC alloys can 

lead the shifting of two consecutive crystallographic grain planes (e.g., {111} and {222}) 

differently. Therefore, stacking fault probability (SFP), which evaluates the density of 

stacking faults, can be calculated by measuring the splitting distance between the lattice 

strain curves of {111} and {222}. Lattice strain curves of two successive grain families 

{111} and {222} at the four temperatures (373, 293, 173, and 77 K) were then plotted with 

respect to true strain in Fig. 6a-6d, respectively. Separation of lattice strain curves of {111} 

and {222} grain families at four deformation temperatures can be clearly observed, 

indicating the formation of stacking faults, which is used to calculate the SFP as follows. 

 

To calculate the SPF, an equation considering the strain induced by macro-strain ( strain

hkl ) 

and stacking faults ( sf

hkl ) has been proposed in Ref.[5]: 

 
( )

( )( )2 2 2

3
-

4

exp strain sf strain

hkl hkl hkl hkl

b h k l
SFP

u b h k l
   



 + +
= = −

+ + +


  

(3) 

,where u and b are the numbers of non-broadening and broadened components due to 

stacking faults [5]. Since successive grain families are equivalent in the crystallographic 

directions, their lattice strain change should be the same when only macro-strain is 

considered. Therefore, the SFP can be derived from the lattice strain of {111} and {222} 

via [5]: 

 ( )222 111

32
-

3 3

exp expSFP


 =   (4) 

The calculated SFP at different temperatures was plotted against strain in Fig. 6a-6d. SFP 

fluctuates at a very low level when the true strain is small. Sometimes the values are even 

negative, due to small errors induced by peak fitting.  When SFP reached 0, they increased 

almost linearly with true strain. A linear equation was then fitted to the SFP versus true 
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strain after considerable stacking faults have formed (when SFP is higher than 0.01). The 

slope of the fitted line of SFP (∂SFP/∂ε) indicates the speed of stacking fault formation, 

which was plotted against deformation temperature in Fig. 7a. It started from 3.3×10-2 at 

373 K and almost linearly increased to 7.7×10-2 at 77 K. This indicates that stacking faults 

form much more quickly at cryogenic temperatures than at higher temperatures (e.g. 373 

K). 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

According to Reed and Schramm [35], SFE measures the easiness of dissociation of a 

perfect dislocation into partial dislocations and creating stacking faults. The relationship 

between SPF and SFE is depicted with: 

 

0.37
2

0 111 44 44 11 12

11 12

6.6 2

33
isf

a C C C C

SFP C C






−

   + − 
=    

−   
  (5) 

, in which a0 is the lattice parameter and γisf is the intrinsic stacking fault energy. The mean-

square strain, 2

111  , was calculated by deconvoluting size and strain broadening effects 

with double-Voigt method [36]. The detailed procedure to calculate mean-square strain can 

be found in the Supplementary Material. The single crystal elastic constants ( 11C , 12C , and 

44C ) of Fe-24wt%Mn-4wt%Cr alloy, a close composition to ours, were calculated based 

on the ab initio simulation results of Ref. [37]. It was found that 11C =222 GPa, 12C =159 

GPa, and 44C =150 GPa. Single crystal elastic constants are temperature-dependent, but 

Fig. 6 Evolution of lattice strain and stacking fault probability as a function of true strain at different 

temperature: (a) 373 K, (b) 293 K, (c) 173 K and (d) 77 K. 
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only vary slightly between 77 and 373 K [38–40]. The coefficient 
0.37

44 44 11 12

11 12

2

3

C C C C

C C

−

  + − 
   

−   
 in Eq. (5) is even less temperature sensitive within the 

temperature range according to our analysis on Fe [38], CrCoNi medium entropy alloy [40] 

and Cr-Mn-Fe-Co-Ni high-entropy alloy [41] (see the Supplementary Material). Here, we 

used single crystal elastic constants of Fe-24wt%Mn-4wt%Cr alloy at room temperature to 

estimate SFE of various temperatures using Eq. (5), as shown in Table 2. It is expected that 

a precise measurement of the single crystal elastic constants of the alloy as a function of 

temperatures via experiments and ab initio simulation could increase the accuracy of SFE 

calculation.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

The evolution of SFE with deformation temperature is shown in Table 2 and Fig. 7a. The 

different deformation mechanism regimes defined by SFE [11,12], as stated in the 

introduction,  were overlapped in Fig. 7a. In our study, SFE of the alloy started from 34.8 

mJm-2 at 373 K and almost linearly declined to 17.2 mJm-2 at 77 K. The linear relationship 

between SFE and temperature was also predicted by thermo-dynamic simulation [4] and 

first principle calculation [14]. According to Fig. 7a, for this alloy, twinning would occur 

and play an important role during deformation at all four temperatures. At 373 K, the SFE 

value was close to the regime boundary separating dislocation slipping and twinning, 

therefore, dislocation motion might be still the major deformation mechanism. As test 

Fig. 7 (a) Temperature dependence of stacking fault probability and stacking fault energy and (b) 

dislocation density evolution with true strain at different temperatures.  
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temperature decreasing, the role of twinning became more pronounced. At 77 K, SFE 

dropped to the boundary of twinning and phase transformation, indicating that phase 

transformation could occur but at a low extent. This result agrees well with the highest SFP 

rate and the formation of HCP-ε phase at 77 K observed in neutron reflections (Fig. 4b).  

 

3.6 Dislocation density evolution 

To estimate the contribution of dislocation multiplication to the strength enhancement, a 

quantitatively analysis of dislocation density was necessary. Fig. 7b shows the calculated 

dislocation density (ρ) evolution during tensile testing at different test temperatures. 

Initially, the dislocation density at all temperatures was around 7×1013 m-2, indicating that 

the fabrication processes induced pre-existing dislocations (Fig. 2c), which did not change 

significantly when temperature dropped. During elastic deformation, dislocation density 

did not change much. After yielding, the dislocation density increased with strain. Fig. 7b 

shows that the lower the deformation temperature, the higher the dislocation density at the 

same strain level. There appears to be a saturation period at high strain levels before failure 

at 77 K. Saturation of dislocation density was also observed in an Al-alloyed TWIP steel 

that the dislocation density saturated at 1×1015 m-2 at a strain of ~0.35 [42], which is of 

similar magnitude as ours. The highest dislocation density of 1.82 × 1015 m-2 was reached 

when deforming at 77 K to a true strain of 0.44, while the corresponding dislocation density 

was only 0.63 × 1015 m-2 at 373 K when deforming to a similar strain level. The dislocation 

density curves against strain between yielding and saturation appeared to be almost linear. 

By linearly fitting the curves, the slope of the fitted lines represents the increase rate of 

dislocation density (
disR ). At high temperatures,

disR was low, about 1.1 × 1015 m-2 at 373 K 

and 1.6× 1015 m-2 at 293 K. While it increased to 4.3 × 1015 m-2 when the test temperature 

was decreased to 77 K. Decreasing of test temperatures accelerated dislocation formation, 

especially at low strain conditions. 

 

3.7 Microstructure characterization 

Fig. 8 shows OM images taken from the fractured samples deformed at 293 and 77 K to 

different strain levels (~0.1, ~0.2 and ~0.3). When deformed at 293 K with a low strain of 

~0.1 (Fig. 8a), twinning formation was inhomogeneous. Most of the grains were twin-free 

and only a very limited number of grains, which probably have preferred orientation for 

twinning, showed features of primary twinning. These twins were short and had a wide 

twin spacing. Similar phenomenon was also reported in [43], showing that twinning was 

preferably initiated from grains with orientations such as <111>//tensile axis, while the 

orientation, <001>//tensile axis, is much harder for twinning. De Cooman et al. [44] 

pointed out that mechanical twinning prefers to occur in grains with a high dislocation 

density. Our TEM observation shows that some grains of the as-fabricated sample have 

dense dislocation networks (Fig. 2c), at which twinning could prefer to occur firstly. With 

the increase of strain, these primary twins gradually occupied the grain interior and grew 

denser. Only very few secondary twinning can be observed at a strain of ~0.2 (Fig. 8b). 

Then twins propagated to other grains at higher strain conditions (Fig. 8c). Comparing with 

the situation at 293 K, twinning was more prominent at 77 K. At all three strain levels at 

77 K, more grains were twined with a higher twin density. Meanwhile, there are more 

secondary twinning, intersecting with the primary twins when deforming at 77 K (Fig. 8d-

8f). This is consistent with the measurement of SFP (Fig. 6). Since stacking faults serve as 
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the embryo of twinning, SFP curves could be used to predict the formation of mechanical 

twins. Higher SFP was achieved at a lower temperature at a faster rate, hence, more 

mechanical twins are expected at 77 K than 293 K.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

To further investigate the twinning process at 77 K, high-resolution EBSD image quality 

maps were obtained at different strain levels of ~0.05, ~0.1 and ~0.2 (Fig. 9). Even with 

very a very small strain (~0.05, Fig.9a), most grains were dominated by dense primary 

twins or primary/secondary twin networks. The rectangle area in Fig. 9a was magnified in 

Fig. 9b. Primary and secondary twins were both observed at low strain level, which could 

Fig. 8 Grain morphology observed by OM in TWIP steel deformed at 293 K and 77 K with different 

true strain: (a) 293 K, ε=~0.1; (b) 293 K, ε=~0.2; (c) 293 K, ε=~0.3; (d) 77 K, ε=~0.1; (e) 77 K, ε=~0.2; 

(f) 77 K, ε=~0.3. 
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benefit the formation of dense hierarchical twinning networks during subsequent straining. 

The propagation of twinning usually started from grain boundaries, implying that grain 

boundaries were the preferable nucleation locations for mechanical twins [45]. As shown 

in Fig. 9b, the primary twins were very thin and distributed discretely. Then the converge 

of multiple thin twins was also observed, forming one thick twinning band. As the strain 

raising to ~0.1, dense twinning networks consisting of thick twins formed and twins 

propagated to nearly every grain interior (Fig. 9c). When the strain reached ~0.2, more 

dense twinning networks were observed while some intersecting twinning networks, 

though very thin, also started to grow in grains with unfavorable orientations (as shown 

with the yellow circle in Fig. 9d).  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 9 EBSD image quality maps showing the twinning gathering process with increasing tensile strain 

at 77 K: (a) strain of 0.05; (b) higher magnification of the rectangle zone in (a);  (c) strain of ~0.1; (d) 

strain of ~0.2. 
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To further study the influence of temperature on the morphology of the twinning and 

dislocation, TEM examination was performed on samples deformed to ~0.3 strain at 373 

and 77 K, as shown in Fig. 10. Twins were observed at both temperatures, which were 

confirmed by the twin reflections in the associated selected area diffraction patterns (SEAD) 

recorded along the <011> direction (Fig. 10b and 10d). Based on the distribution and 

density of twins and dislocations, Fig. 10a can be divided into four regions: (1) dense twin 

zone, (2) dislocation-twin tangling zone, (3) discrete twin zone, and (4) dense dislocation 

zone. At the dense twin region, massive nanosized twins were observed starting at grain 

boundaries and being prolongated through the grain interior. At the discrete twin zone, 

much less twins with a wide twin spacing (~600 nm) were formed. The dislocation-twin 

Fig. 10 TEM images taken from the sample deformed to true strain ~0.3 at 373 K and 77 K. (a and c) 

bright filed image at 373 K and 77 K, respectively; (b and d) SAED patterns of (a and c), respectively; 

shows that the twin density increases with the deformation temperature decreasing and FCC-γ to HCP-

ε transition occurred at 77 K. 
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tangling zone shows the interaction between massive dislocations and twins, indicating that 

the dense twin boundaries act as columns trapping dislocations in between. In the dense 

dislocation zone, some grains remained as untwined and dislocation motion is still the main 

deformation mechanism, forming thick dislocation walls and large dislocation cells (~3 

µm).  

 

On the other hand, at 77 K the enhanced twinning activity led to hierarchical twin-twin 

intersections, trapping dense dislocation in intra-twin regions in Fig. 10c. This indicates 

more effective 3-dimentional twin networks were formed in impeding dislocation motion. 

Besides, phase transformation was confirmed by the SEAD pattern at 77 K (Fig. 10d). This 

is consistent with the previous results obtained from in situ neutron diffraction (Fig. 4b). 

The experimental result suggests the gradual transition of deformation behavior from 

dislocation motion to twin-twin/dislocation interaction and even to phase transformation 

as the test temperature dropped. This agrees well with the SFE-temperature map developed 

(Fig. 7a). 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

The twin growth and martensite phase transformation (FCC-γ to HCP-ε) at 77 K were 

further revealed by HRTEM. The TEM sample was extracted from the failed sample at a 

strain of ~0.3. Fig. 11a-11c show the HRTEM images focusing on the γ/ε/twin interfaces, 

viewed along [1̅10]γ//[112̅0]ε directions. The fast Fourier transformation (FFT) images 

(shown in Fig. 10d-10g) were obtained from the marked areas in Fig. 11a, identifying the 

existence of twins and HCP-ε laths. In Fig. 11a, one nanosized twin with thickness of 9 nm 

was observed, as well as two HCP-ε laths (with width of 0.7 and 4 nm, respectively) 

locating at the twin-matrix interface. The rectangle area in Fig. 11b was magnified in Fig. 

11c, which shows that several Shockley partial dislocations with different Burger’s vectors 

glided at the edge of HCP-ε laths, creating new stacking faults and leaving HCP-ε laths 

Fig. 11 Twinning formation and γ→ε phase transformation of the alloy during deformed at 77 K to a 

true strain of ~0.3: (a) HRTEM image; (b) atomic image of A area in (a); (c) higher magnification of 

the white rectangle areas in (b) and (d-g) FFT images at areas of A, B, C and D in (a). 



18 

 

behind. These results indicate that the FCC-γ to HCP-ε phase transformation preferably 

occurs at the twin boundaries and the two microstructural features (twinning and phase 

transformation) are closely related to perfect dislocations dissociation, following (partial) 

dislocation reaction and related stacking faults motion. The interaction of two leading 

partials of two stacking faults on two {111} grain plane can create a stair-rod dislocation 

via: 

 [211] [121] [110]
6 6 6

a a a
+ →

 
(6) 

The new-born stair-rod dislocation is sessile and can serve as Lomer-Cottrel lock [46] since 

its Burgers vector is perpendicular to the dislocation line and does not lie on the two {111} 

planes of the adjacent stacking faults [47]. According to Ref. [48], the Shockley partial 

dislocations ( : [121](111)
6

a
b  ) could interact with perfect dislocations ( : [101](111)

2

a
b  ) 

during their movement and create straight Frank sessile dislocations  ( : [111](111)
3

a
b  ) 

lying at the twin-matrix interface. These dense Frank dislocations can affect the dynamic 

of the twinning and twin boundary expansion, maintaining the high stability of twins and 

making twin boundaries hard to be penetrated by dislocations. On the other hand, the partial 

dislocation motion and the new-born stacking faults also play a decisive role in mechanical 

twin formation and martensite phase transformation. X. Yang et al. [49] proposed three 

types of partial dislocations and indicated that the mechanical (de)twinning is caused by 

gliding one partial dislocation on consecutive (111)γ planes. Regarding to martensitic 

phase transformation, when partial dislocations glide from plane B and consecutively on 

every second (111)γ planes, the parent stacking sequence of …ABCABC…(FCC-γ matrix) 

will transfer into …ACACAC…(HCP-ε laths). These HCP laths preferably initiate at the 

interface of twin-matrix. Similar phenomena were also found at other TWIP steels [4,50], 

where the expansion and growth of HCP laths gradually fulfilled the intra-twin regions.  

 

In summary, the microstructure evolution observed at different temperatures agrees well 

with the neutron diffraction results (Fig. 4) and SFE-deformation mechanism evolution 

map (Fig. 7a). At high-temperature regime (e.g. 373 K), intensive dislocation motion and 

multiplication played a major role in accommodating strain due to its high SFE. Twinning 

induced hardening was not significant until reaching very high strain conditions. As the 

test temperature drops, SFE decreases, dislocation preferably to dissociate rather than glide 

to cater to plastic straining. This enables massive partial dislocation motion and rapid SFs 

formation (i.e. higher SFP rate, Fig. 7a), making twinning a more favorable deformation 

mechanism at cryogenic conditions. When SFE is low enough (e.g. 18.3 mJ/m-2 at 77 K) 

phase transformation from parent FCC phase to HCP laths can be triggered. 

 

4. Discussion 

In the following, the dependence of yield strength (Fig. 3b) and the contribution of 

dislocation and twinning to flow stress (Fig. 3c) will be discussed with dislocation slip 

system driven modelling.  
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4.1 Temperature dependent yielding strength 

The yield point corresponds to the initiation of macroscopic unpinning and gliding of 

mobile dislocations. As show in Fig. 3a and 3b, YS  of the alloy was linearly enhanced by 

dropping deformation temperature. Prior to the detailed analysis of the temperature 

dependence of YS , it is important to classify the strengthening contributors towards 

yielding strength. Generally, YS is the result of the synergetic effects of multiple 

strengthening effects which can be decomposed into athermal ( Athermal ) and thermal 

( Thermal ) parts:  

 YS Athermal Thermal  = +  (7) 

The athermal component is generally related to strengthening resources of a long-range 

order (> 10 Å), such as initial dislocation density ( dis ), precipitate hardening ( PP ) and 

grain boundary hardening ( GB ). In our case, the contribution from precipitates ( PP ) can 

be ignored since the SEAD pattern (Fig. 2d) and the neutron diffraction spectra (Fig. 4) did 

not show the presence of precipitates, and the alloy remained single-phases (FCC) before 

yielding. Therefore, Athermal is determined from the rest two resources: initial dislocation 

density and grain boundaries.  

The hardening effect from dislocation ( dis ) can be calculated with Taylor equation [51]: 

 
1/2

dis M Gb  =  (8) 

, in which M=3.06 is the Taylor factor, α is a constant for scaling the inter action strength 

between dislocations and a value of 0.26 was used here [52–54]. It is noted that different α 

values have been used in TWIP steels, such as 0.136 [25], 0.26 [52,53], and 0.4 [55]. We 

will show later that α=0.26 is a reasonable value for our TWIP steel.  The temperature 

dependence of Burger’s vector (b) has been ignored since the lattice parameter decreases 

only slightly during cooling down (Fig. 12a). The dislocation density of the as-fabricated 

state (7×1013 m-2) was used and strength contribution from initial dislocations ( 0

dis ) was 

estimated to be 124 MPa.  

The contribution from grain boundaries was calculated with the classical Hall-Petch 

formula [56] in which the strength contribution keeps a linear relationship with the inverse 

square root of average grain size (d): 

 
1/2

GB GBK d −=  (9) 

Hall-Petch coefficient ( GBK ) of 0.357 MPa·m0.5 was used based on Ref. [57], yielding the 

strength improvement from grain boundaries to be 95 MPa.  

Meanwhile, barriers inhibiting dislocation gliding in a short range (< 10 Å) can give a rise 

to the thermal part of Eq .(7) [58]. It mainly derives from the thermally initiated dislocation 

gliding overcoming Peierls lattice potential friction and the pinning effect from solid 

solution atoms (e.g. carbon) [31,59]. Decreasing temperature can reduce atom vibration 

frequency and consequently increase the critical stress for the initiation of dislocation 

gliding. The strain rate  can be expressed by Arrhenius relationship [60]: 

 0 exp
G

kT
 

 
=   

 
 (10) 
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, where 0 is the reference strain rate and a value of 108 s-1 was assumed according to Ref. 

[61], k is the Boltzmann constant. G is the free energy of overcoming barriers and can be 

well described with a phenomenological relation [60]: 

 3 0
0

0

1

q
p

Thermal

T

G
G Gb g

G





  
 = −   

   

 (11) 

,where 0G  and TG  is the shear modulus of the alloy at 0 K and at temperature T, p and q 

are two constants describing the characteristics of the obstacles, 0g is a scaling factor and a 

material constant, 0 is the mechanical threshold stress to overcome the lattice friction 

without thermal activation at 0 K. The temperature dependence of the shear modulus was 

fitted with an equation proposed by Y. P. Varshni [62]: 

 ( )0 exp 1TG G A B T= − −    (12) 

The two adjustable parameters (A and B) were determined to be 77.5 and 1574, 

respectively, by fitting the shear modulus versus temperature curve (Fig. 12a). 0G of 71.36 

GPa was obtained by extrapolating Eq. (12) to 0 K (Fig. 12a). Similar temperature 

dependence of shear modulus of three Fe–18Mn–0.6C–xAl TWIP steels was reported in 

Ref. [31], where the shear modulus is slightly higher than our study. Combining the Eq. 

(10) and (11) yields the relationship between deformation temperature and Thermal : 

 

1
1

0
0 3

0 0

1 ln

p
q

T
Thermal

T

G kT

G g G b


 



 
    = −       

  

  (13) 

This indicates the mechanical threshold value at 0 K, 0 can be decreased by the increasing 

thermal activation as a result of temperature rising. The strain rate is 9 × 10-4 s-1 in the 

present study and the two constants (p and q) were set to be 0.5 and 1.5 [63], respectively. 

Therefore, the normalized temperature-related component 

p

Thermal

TG

 
 
 

of YS and 

normalized temperature

1

0

3
ln

q

T

kT

G b





 
 
 

 was linearly fitted in Fig.12b. All measured data 

points can be well fitted into a line, indicating that the high temperature sensitivity of the

YS  (Fig. 3b) originates from the increase in the lattice friction stress which is estimated to 

be 898 MPa at 0 K by extrapolating the fitted straight line to 0 K (Fig.12b). Temperature 

sensitivity of YS observed in our study is very similar with that in [59], where the effect of 

carbon content is emphasized. The thermal component of a TWIP steel with 0.6% C can 

be significantly improved by ~350 MPa (which is 318 MPa in our case) when decreasing 

temperature from room temperature to 77 K.  

In summary, the strengthening contributions to yield strength from different sources were 

calculated. The contribution from grain boundary was 95 MPa at all tested temperatures. 

The contribution from dislocations was 124 MPa. The lattice friction stress increased from 
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135 MPa to 541 MPa as the deformation temperature dropped from 373 K to 77 K, which 

is the main reason for the increase of yield strength at lower test temperatures. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

4.2 Plastic Deformation 

At the plastic stage, in addition to grain boundary strengthening and lattice friction stress 

(
f ), there are two additional contributors to the flow stress: (1) dislocation multiplication, 

and (2) twinning formation, and martensite phase transformation. The strengthening effect 

from dislocation density ( dis ) can be calculated using Eq. (8). The dislocation density was 

measured from the in situ neutron diffraction pattern shown in Fig. 7b. This allows us to 

calculate dis  as a function of strain (e.g. Fig. 13a at 77 K) using Eq. (8). With regarding 

to phase transformation, the fraction of transformed HCP-ε laths is very small and are prone 

to locate at the twinning boundaries (Fig. 4b and 11). Meanwhile, stand-alone HCP-laths 

have a wide spacing distance and thin thickness (<5 nm), leading to very limited ability of 

impeding dislocation motion and thus low contribution towards strength [64]. Hence, we 

ignored the contribution from phase transformation. Therefore, the strengthening 

contribution from twinning ( twin ) can be calculated indirectly as follows:  

 twin f GB dis    = − − −  (14) 

, where is the measured true stress. twin versa true strain at 77 K was plotted in Fig. 13a. 

Alternatively, twin boundaries act as grain boundaries and its strengthening effect can be 

calculated with the Hall-Petch model directly [64]:  

 
0.5

twin twinFK l −=  (15) 

where F is the volume fraction of twins, l is the twin spacing, 
twinK  is the Hall-Petch 

coefficient of twinning. According to Refs. [65,66], the Hall-Petch constant for twinning is 

about equal to that for slip in Fe-22Mn-0.6C TWIP steel. In our study, 
twinK is also assumed 

to be the same as 
GBK [1]. This value has been widely used to model twin contribution to 

strength of TWIP steels with different compositions (e.g. in Refs. [67–69]) with great 

success. Another study by Kusakin et al. [70] shows that 
GBK =0.35 MPa·m0.5 via data 

fitting of various TWIP steels, which is close to 0.357 MPa·m0.5 used by De las Cuevas et 

Fig .12 (a) Temperature dependence of the shear modulus and lattice parameter of the alloy and (b) 

normalized thermally activated component of the yielding stress with respect to the normalized 

temperature. 
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al. [57] and those reported in Cr-Ni austenitic steels [71]. Therefore, we used 
twinK =0.357 

MPa·m0.5. F can be estimated with the stereological analysis of Fullman [72]: 

 
1 1

2 1

F

l e F
=

−
 (16) 

in which e is the thickness of twins. Twin boundary density is usually calculated from TEM 

[52,73] or SEM [74] images. Based on TEM images, l was measured to be 212 nm and e 

was 95 nm when strain was ~0.2 at 77 K. With strain increased to ~0.3, twin spacing 

distance decreased to 153 nm and their thickness increased to 110 nm. Based on Eq. (15) 

and (16), F was equivalent to 0.474 and 0.589 at strains of ~0.2 and ~0.3, yielding the twin 

contribution of 376 and 538 MPa, respectively. In Fig. 13a, twinning contribution 

calculated from TEM images at true strain of 0.2 and 0.3 was compared with the indirect 

calculation with Eq. (14). The two methods agree very well.  

As we stated before, various α values were used in Eq. (8) in literature, among which, we 

chose to use α = 0.26. This also allows us to verify the use of α = 0.26 in our study. The 

stress level after yielding can be predicted by Eq. (17): 

 0

mod twin dis dis YS

    = + − +  (17) 

, in which mod  is the predicted flow stress. dis

  is the strengthening contribution from 

dislocations at strain ε, while 0

dis  is the strengthening contribution from initial dislocations 

in the as-received sample, both of which can be calculated from Eq. (8). The difference 

( diff ) between experimental measured stress ( exp ) and modelling results ( mod ) can be 

calculated by Eq. (18): 

 exp mod| |diff  = −  (18) 

Combining Eq. (8), (15), (17) and (18), we can determine diff  with different α values as 

shown in Table 3. When α=0.26, diff  is the smallest among the three commonly used α 

values.  
Table 3. diff  at two strain levels using different α values 

twinK (MPa·m0.5) α Strain diff  (MPa) 

0.357 0.136 0.2 88.1 

0.357 0.136 0.3 167.0 

0.357 0.26 0.2 65.3 

0.357 0.26 0.3 33.1 

0.357 0.4 0.2 238.7 

0.357 0.4 0.3 259.0 

 

Fig. 13a displays the contribution from various strengthening resources at 77 K, showing 

the growing strength enhancement from both twinning ( twin ) and dislocation ( dis ) as the 

plastic strain increasing. Twinning contribution was not significant at low strain due to its 

low density. However, during tensile deformation, it increased faster than dislocations 

contribution. Twinning gradually became a comparable strengthening resource as 

dislocations at very large strain (higher than around 0.4). When strain reached 0.34, 507 

MPa was from twinning while dislocations contributed 574 MPa. This phenomenon can be 

ascribed to that the dynamic recovery curbed dislocation multiplication at high strain 
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conditions even at an extremely low temperature of 77 K, but nano-twins continuously 

increased during the deformation of the low-SFE TWIP steel. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

The strengthening contributions from dislocations and twins at different temperatures were 

plotted against true strain in Fig. 13b and 13c, respectively. Due to the pre-existing 

dislocations, dislocation contribution started from at around 124 MPa for all 4 temperatures. 

It increased almost linearly with strain after yielding. The curves were fitted with linear 

functions and the slopes of the fitted lines were defined as dislocation-induced hardening 

rate ( dis   ). Twinning contribution was also shown to be linearly increasing with true 

strain (Fig. 13c). Similarly, the slope of the fitted line is defined as twinning-induced 

hardening rate ( twin   ). These two figures show a synergetic hardening mode of 

twinning and dislocation at the low-temperature range (from 373 to 77 K). The strain 

hardening capacity of this TWIP steel comes from both dislocation-induced hardening and 

twining-induced hardening. As the deformation temperature decreased, the strengthening 

contributions from dislocation and twinning both increased. On the one hand, temperature 

dropping inhibited some thermally activated processes (such as thermally driven cross-slip) 

and dynamic recovery [75], maintaining a high level of dislocation density and slowing 

down dislocation motion. Thus, the dislocation capacity (the maximum dislocation density) 

can be improved, achieving higher strengthening effects. On the other hand, a growing 

number of twins was produced as the SFE was reduced from 34.8 mJm-2 at 373 K to 17.2 

Fig. 13 (a) The respective contribution of multiple resources to the total flow stress; strain hardening 

contribution from (b) dislocation and (c) twin density at different temperatures; (d) temperature 

dependence of the hardening rate from dislocation and twinning. 
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mJm-2 at 77 K. It is also worth noting that although the twinning contribution at 293 K is 

less significant than at 77 K, it still grew rapidly with strain and contribute significant to 

strength: 316 MPa is from dislocations while twins contributed 394 MPa at strain of 0.36. 

This is in contrary with Ref. [25], where the twinning contribution to flow stress at 293 K 

is small and almost constant during deformation. This can be ascribed to the different 

compositions of the two TWIP steels and therefore the disparity in SFE. Meanwhile, the 

ductility of the alloy was decreased from 0.72 at 293 K to 0.56 at 77 K even with multiple 

strengthening mechanisms activated. The massive dislocations and twinning boundaries 

can bring high strength by providing dense new dislocation motion barriers. However, the 

high density of barriers can evolve into dislocation walls, new-born phases [76] and the 

intersection of twinning [77], which can significantly increase the internal stress and serve 

as weak positions for crack initialization, hence reducing the ductility. Similar phenomenon 

can also be found at Ref. [78].           

 

Fig. 13d shows the hardening rates of twinning and dislocation as a function of 

temperatures, interestingly, both of which show an almost linear relationship with respect 

to deformation temperature. Therefore, their relationship can be described as: 

 dis
dism

T






= −

 
 (19) 

 twin
twinm

T






= −

 
 (20) 

, where dism  and twinm are slopes of the hardening rate curves of dislocation and twinning 

respectively. With the help of linear curve fitting, dism was found to be about 1.78 MPa·K-

1, which is higher than twinm =1.14 MPa·K-1. The reason why the hardening rates of 

twinning and dislocation versus temperatures are both linear is unclear. This could be 

related to the linear relationship between SFE and temperature (Fig. 7a). More work would 

be needed to verify this observation on other alloys with TWIP effect. If validated, new 

analytic and numerical models could be developed to predict the flow stress evolution of 

TWIP alloys.  

 

5. Conclusions 

In this study we investigated the temperature dependence of the deformation mechanisms 

operating in a high Mn TWIP steel (Fe-24Mn-4Cr-0.5Cu-0.5C). In situ neutron diffraction 

was employed to map the evolution of multiple microstructure features (e.g., lattice strain, 

stacking fault probability, stacking fault energy and dislocation density) and record real-

time mechanical responses. The microstructures evolution was then confirmed via post-

mortem microscopy characterization. The investigation leads to the following conclusions: 

(1) A steady increase in the tensile strength was observed as the test temperature 

dropped, maintaining high ductility (over 50%). The superior combination of 

engineering tensile strength (σYS of 760 MPa, σUTS of 1312 MPa) was obtained at 

77 K, which is significantly higher than that at 373 K (σYS of 354 MPa, σUTS of 796 

MPa).  
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(2) Via in situ neutron diffraction measurement, the stacking fault probability at 

different strain conditions was calculated. It increased almost linearly with the 

strain. Its increase rate became higher at lower test temperatures.  

(3) SFE values of the alloy as a function of temperature were estimated, which was 

34.8 mJm-2 at 373 K and decreased to 17.2 mJm-2 at 77 K, resulting in significant 

increase in twin density and even triggering martensitic transformation from FCC-

γ to HCP-ε at 77 K.  

(4) The dislocation density evolution was calculated using the modified Williamson-

Hall method. The as-fabricated samples had a dislocation density of around 7×1013 

m-2. The dislocation density increased during tensile straining after yielding. Its rate 

of increase was higher at lower temperatures. The maximum value of 1.82 × 1015 

m-2 was obtained when deforming at 77 K with true strain of 0.44.  

(5) The respective contributions the flow stress from twins, dislocations, grain 

boundaries and solid solution during elastic, and plastic deformation were 

calculated. The increase of yield strength at lower temperatures was due to a 

significant increase of lattice friction stress (from 135 MPa at 373 K to 541 MPa at 

77 K). 

(6)  During plastic deformation, dislocation hardening and TWIP effects worked 

synergistically in addition to grain boundary and solute strengthening. With very 

high strain hardening rate, the strength contribution form twinning increases rapidly, 

making twinning becomes a comparable strength contributor of dislocations at 

large strain conditions. 
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