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InGaN layers were grown simultaneously on (112̄2) GaN and (0001) GaN templates by metalorganic vapour phase epi-
taxy. At higher growth temperature (≥ 750oC), the indium content (< 15%) of the (112̄2) and (0001) InGaN layers was
similar. However, for temperatures less than 750oC, the indium content of the (112̄2) InGaN layers (15 - 26%) was gen-
erally lower than those with (0001) orientation (15 - 32%). The compositional deviation was attributed to the different
strain relaxations between the (112̄2) and (0001) InGaN layers. Room temperature photoluminescence measurements
of the (112̄2) InGaN layers showed an emission wavelength that shifts gradually from 380 nm to 580 nm with decreas-
ing growth temperature (or increasing indium composition). The peak emission wavelength of the (112̄2) InGaN layers
with an indium content of more than 10% blue-shifted a constant value of ≈(50 - 60) nm when using higher excitation
power densities. This blue-shift was attributed to band filling effects in the layers.
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I. INTRODUCTION

The fabrication of light-emitting devices (LEDs) based
on semipolar oriented III-nitride semiconductor compounds
(AlN, GaN, and InN) has gained much interest due to the
predicted reduction of polarization effects due to the tilt-
ing of the energy band edges.1 The reduction of polariza-
tion effects (PE) increases overlap between electron and hole
wave-functions resulting in an increase of radiative recombi-
nation probability, which may overcome the green gap prob-
lem as well as enhance the performance of LEDs based on
semi-polar nitrides.2,3 Efficient green and yellow semipo-
lar (112̄2) InGaN single quantum-well LEDs grown on free-
standing (112̄2) GaN substrates with threading dislocation
densities below 107 cm-2 have been recently demonstrated.4,5

However, the free-standing GaN substrates required for this
approach remain small and expensive. Therefore, hetero-
epitaxially grown semipolar structures continue to be of in-
terest due to the much lower cost and larger substrate sizes
available. However, a major disadvantage of the latter ap-
proach is the potentially detrimental contribution of high de-
fect densities of threading dislocations (typically ≈1010 cm-2)
and basal plane stacking faults (BSFs) (≈105 cm-1).6,7 It has
been shown that the high density of BSFs affects the opti-
cal and electrical properties of the layers, e.g. increasing the
non-radiative recombination rate8 and causing an electrical
anisotropy via the carrier scattering from BSFs.9

It is particularly interesting regarding the application for
green and yellow light emitters that an increased indium in-
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corporation on the (112̄2) surface was predicted from first-
principles calculations by Northrup,10 who argued that the
strain-repulsive interaction between In-atoms in GaN is
weaker on the (112̄2) surface than on the nonpolar (101̄0) m-
plane surface. A higher indium incorporation for semipo-
lar planes than for the basal plane was predicted from two-
dimensional modelling of metalorganic vapour phase epitaxy
(MOVPE) in a vertical reactor,11,12 with a distinct maximum
indium incorporation for (112̄2) InGaN, attributed to a mini-
mum in strain energy. The few reported comparative MOVPE
growth studies suggest that semipolar (112̄2) has a higher in-
dium incorporation rate than polar and nonpolar planes,2,13,14

or demonstrate that indium incorporation is virtually inde-
pendent of the growth plane.15 In contrast, (112̄2) InGaN
epilayers grown by plasma-assisted molecular beam epitaxy
(PAMBE)16 and ammonia-MBE17 show the opposite trend,
whereby the (0001) films had a higher indium incorporation.
Das et al.16 proposed that the decreased indium incorporation
was related to the surface roughness of the semi-polar surface,
but the smooth surface maintained in the study by Browne et
al. indicates that the low indium incorporation is more likely
related to the conditions used for MBE growth.17

Here, we have conducted a study on the MOVPE growth of
25 - 30 nm-thick InGaN layers simultaneously on (112̄2) and
(0001) GaN templates as a function of the InGaN growth tem-
perature. As already pointed out by Jönen et al.15 it is imper-
ative to use detailed X-ray diffraction analysis methods to de-
termine the alloy composition and the strain state of the films
which have recently become more accessible for semi-polar
structures.18 In this context, we have elected to study first In-
GaN epilayers rather than thin quantum well systems in order
to simplify the structural and optical analysis. Thus, we report
here on the comparative characterization of simultaneously-
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grown (112̄2) and (0001) InGaN epilayers as a function of In-
GaN growth temperature to vary the alloy composition. We
found that at growth temperatures higher than 750oC, the in-
dium contents of the (112̄2) and (0001) InGaN layers were
similar, while at growth temperatures lower than 750oC the in-
dium content of the (112̄2) InGaN layers was lower than that
of the (0001) InGaN layers, an effect attributed to the relax-
ation state of the layers.

II. EXPERIMENTAL DETAILS

Growth was performed in an Aixtron 3× 2 inch close-
coupled showerhead MOVPE reactor. Trimethylgallium
(TMGa), trimethylindium (TMIn), and ammonia (NH3) pre-
cursors were used as Ga, In, and N sources, respec-
tively. InGaN layers were grown in the temperature range
of 675 - 825oC on 2-inch wafer quarters of MOVPE-grown
(112̄2) GaN buffer layers deposited on m-plane sapphire sub-
strates. The MOVPE growth of the (112̄2) GaN templates is
reported elsewhere,19 with samples exhibiting typical thread-
ing dislocation and BSF densities of (3.0± 0.2)× 1010 cm-2

and (3.2± 0.3)× 105 cm-1, respectively.7 InGaN layers were
also simultaneously grown on (0001) GaN templates for com-
parison. The (0001) GaN templates were grown on high tem-
perature AlN templates that were deposited on c-plane sap-
phire.20 The threading dislocation density of the c-plane GaN
templates was typically ≈(2.5 - 4.0)× 108 cm-2 as determined
by X-ray diffraction (XRD) and atomic force microscope
(AFM) measurements.

A GaN connecting layer with a thickness of 450 nm was
grown at 1040oC on the GaN templates prior to InGaN de-
position. For the growth of the GaN, hydrogen was used as
the carrier gas, and the reactor pressure was 100 hPa. The
reactor ambient was then switched to nitrogen at a pressure
of 400 hPa during cooling to 675 - 825oC, corresponding to
the InGaN growth temperature measured by a Laytec in-situ
pyrometer. The InGaN layers were grown on the GaN tem-
plates using a TMIn flux of 5.7 mol/min and a TMGa flux of
8.2 mol/min. The NH3 flux was maintained at 134 mmol/min
in all cases. The uncapped InGaN layer thickness was kept
between 25 nm and 30 nm.

The crystalline properties of the InGaN samples were
characterized using a PANanytical X’pert triple-axis high-
resolution XRD (HRXRD) system with a CuKα1 source. The
surface morphology of the InGaN layers was investigated us-
ing a Veeco MultiMode V AFM in tapping mode. Photolumi-
nescence (PL) measurements of the InGaN layers were mea-
sured using a Horiba iHR320 spectrometer using two different
continuous-wave (CW) lasers: He-Cd (325 nm) and Ar+-ion
(244 nm) with power densities of 0.5 W/cm2 and 5.0 W/cm2,
respectively. A monochromator coupled Xe-lamp (450 W)
was used as the excitation source for PL excitation (PLE)
measurements. Additional PL measurements were performed
using an Accent RPM2000 mapping system equipped with a
266 nm Q-switched laser giving a peak excitation power den-
sity of 1.0 MW/cm2.

The indium content of the (0001) InGaN samples was cal-

FIG. 1. (Top row) AFM images (10× 10 µm2) of a (112̄2) GaN
layer template (a) and (112̄2) InGaN layers grown at (b) 775oC and
(c) 675oC. (Bottom row) AFM images (5× 5 µm2) of a (0001) GaN
layer template (d) and (0001) InGaN layers grown at (e) 775oC and
(f) 675oC. The root-mean square (rms) roughness values of each im-
ages are shown for comparison.

culated using the PANalytical X’Pert Epitaxy software based
on the c- and a-cell parameters determined by the (0002) and
(101̄5) reflections, respectively. The indium content of the
(112̄2) InGaN layers was determined using the recently de-
veloped XRD analysis method of Oehler et al.18 The experi-
mental error in indium content is estimated to be around 1.0%
for layers of this thickness.18,21

III. RESULTS AND DISCUSSION

A. Surface morphology

The AFM determined surface morphology of all the
(112̄2) InGaN layers shows undulation along [11̄00], very
similar to the underlying GaN templates, as can be observed
in Fig. 1. The root-mean square (rms) roughness values of the
(112̄2) InGaN and GaN were both about 20 nm for a scan size
of 10× 10 µm2. The formation of the corrugated surface mor-
phology on (112̄2) InGaN/GaN grown on m-plane sapphire is
attributed to the anisotropic diffusion of group-III atoms on
the (112̄2) and m-plane surfaces.22,23 In contrast to the un-
changing morphology of the (112̄2) InGaN layers, the sur-
face morphology of the simultaneously-grown (0001) InGaN
layers changed from the step flow surface observed for GaN
(Fig. 1(d)) to spiral-like InGaN growth above 725oC shown in
Fig. 1(e) and then to island-like for InGaN temperatures lower
than this value, as can be observed in Fig. 1(f).

The (0001) InGaN layers exhibit high densities of dark-/V-
pits, which are likely to be screw dislocations, on the surface
≈8× 108 cm-2 as estimated for the sample grown at 775oC;
see Fig. 1(e) for instance) although the areas between these
pits are much smoother. Since the V-pits (≈3× 108 cm-2)
were also observed on the (0001) GaN templates (Fig. 1(d)),
the V-pits on the (0001) InGaN surfaces might be derived from
the templates. V-pit formation is thus likely to be due to
the existence of threading defects, i.e. the V-pits are initi-
ated when dislocation cores open up during the low temper-
ature InGaN growth.24 The low InGaN growth temperature
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FIG. 2. The XRD-calculated indium content and relative strain re-
laxation status of the (0001) InGaN (�) and (112̄2) InGaN layers (•)
grown at different temperatures (see text for details).

(675 - 850oC) causes poor surface migration of In- and Ga-
atoms to completely form a layer-by-layer growth and hence
form additional V-pits; thus, the V-pits are stabilized in this
temperature regime. For the (112̄2) InGaN layers, no sur-
face pits are formed despite the defect density being higher.
The most likely reason is that in this temperature regime the
(112̄2) surface is also stabilized like the (101̄1) surface.24

In this section, the surface morphology of the InGaN lay-
ers was studied. The morphology of the (112̄2) InGaN/GaN
layers was found to be similar to the underlying GaN tem-
plates (Fig. 1). This undulated morphology is attributed
to the anisotropic diffusion of group-III atoms on the
(112̄2) surface.22,23 In contrast, the surface morphology of
the (0001) InGaN/GaN layers changed from step flow (775 -
825oC) to spiral-like (725 - 750oC) and finally to an island-
like surface (675 - 700oC). This was attributed to the lower
surface migration24 of In- and Ga-atoms with decreasing
growth temperature and to the strain relaxation of the samples
(see Table I).

B. Composition and crystalline properties

To determine the indium content of the (112̄2) InGaN lay-
ers and the strain state of the layers, we measured XRD re-
ciprocal space maps (RSM) of symmetric and asymmetric re-
flections along the two in-plane directions [11̄00] and [1̄1̄23]:
(112̄2)[1̄100], (112̄2)[112̄3], (112̄4)[1̄100] and (213̄3)[112̄3]. For
(0001) oriented layers, a single asymmetric reflection (101̄5)
was used to assess the strain state of the layer.

From the RSMs of the (112̄2) InGaN layers, the tilt angle
along [1̄1̄23] with respect to the (112̄2) GaN templates was de-
termined. The tilt angle of the (112̄2) InGaN layers increased
with decreasing growth temperature (increasing indium con-
tent), and seems to correlate with the strain relaxation (Ta-
ble I).

The indium content and the degree of relaxation of the

TABLE I. Strain relaxation and In-content (±1.0%) of the
(0001) InGaN and (112̄2) InGaN layers grown at different temper-
atures.

InGaN growth temperature (oC)
Orientation Calculated

parameter
825 800 775 750 725 700 675

(0001) Relaxation (%) 0 0 0 0 80 100 100
In-content (%) 3.0 5.7 9.4 14.8 26.1 32.0 31.0

(112̄2)

Relaxation (%) 0 0 10 30 44 63 73
In-content (%) 2.0 – 10.4 15.2 18.0 21.7 23.0
Tilt angle (o)
(along [1̄1̄23])

0 – 0.2 0.5 0.8 1.4 1.7

(112̄2) InGaN layers were determined from symmetric RSM
of the (112̄2) reflection along [1̄1̄23]. The measurement
method has been described in detail in Ref. 18 and takes into
account the tilt of the InGaN layer (Table I). The measure-
ment also assumes that the layers are fully strained along
[11̄00] and that partial relaxation can only occur along the
[1̄1̄23] direction through dislocation glide on the basal plane
(i.e. 1D relaxation).18 From the XRD data, it is observed that
the (112̄2) InGaN layer loses coherency at growth tempera-
tures less than 800oC, but is still only partially relaxed at the
lowest growth temperature of 675oC. Zhao et al13 observed
that partial relaxation set in at an In-content of about 6% for
20 nm-thick (112̄2) InGaN films grown on free-standing GaN
substrates, which is in good agreement with our findings. In
contrast, the (0001) InGaN layer remains coherent down to
a growth temperature of 750oC. Below that growth tempera-
ture, the (0001) InGaN layer rapidly changes to an essentially
fully relaxed state over a relatively narrow temperature range
of 50oC.

Figure 2 shows graphically the alloy composition and the
strain relaxation status (as determined from XRD) of the
(112̄2) and (0001) InGaN layers as a function of growth tem-
perature (see also Table I). In general, the indium content of
the layers increases with decreasing growth temperature due
to the reduction of indium desorption rate. At the higher
growth temperatures (≥ 750oC), the indium contents (< 15%)
of the (112̄2) and (0001) InGaN layers are similar, while at
the lower growth temperatures (< 750oC) the indium con-
tent of the (112̄2) InGaN is consistently lower than that of the
(0001) layers.

Thus the (0001) InGaN composition starts to deviate from
that of the semi-polar layers at the onset of rapid (0001) strain
relaxation below a growth temperature of 750oC (Fig. 2).
At that growth temperature of 750 - 725oC, the correspond-
ing (112̄2) InGaN film is already partially relaxed (between
30 and 44%). The effect of this partial relaxation on the
indium incorporation is unknown but since the trend of in-
creasing indium content with reducing temperature contin-
ues unchanged below 750oC, this effect is likely to be small.
Additionally, it is worth noting that the surface morphology
of the (0001) InGaN layers also altered with the change of
growth temperature (Fig. 1), while the surface morphology of
the (112̄2) InGaN layers remained unchanged. Theoretically,
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FIG. 3. The on-axis XRC FWHM values of the (0001) InGaN lay-
ers (�), and the (112̄2) InGaN layers scanned along [11̄00] (�) and
[1̄1̄23] (•) grown at different temperatures.

it was found that indium distribution in InGaN/GaN islands
strongly depends on subsurface diffusion, whereby indium
atoms tend to occupy the outmost island surface layer.25 Thus,
the island-like surface morphology together with the strain re-
laxation of the grown (0001) InGaN layers (< 750oC) were at-
tributed to the enhanced In incorporation, while the constant
surface morphology of the (112̄2) InGaN layers did not induce
a significant change in compositional trend.

The lower composition of the (112̄2) InGaN layers com-
pared to the (0001) InGaN layers at growth temperatures
below 750oC is in disagreement with theoretical cal-
culations that predict higher incorporation rates on the
(112̄2) surface.10–12 This results here also contradict previous
reports on MOVPE-grown (112̄2) InGaN.2,13–15 The different
compositions may be due to different growth parameters13–15

or different calculation methods, e.g. with14,18 and without13

taking the strain state into account.
The anisotropic crystallinity (the full-width at half max-

imum (FWHM) values of the on-axis XRD rocking
curves (XRC)) of semi-/non-polar nitrides is commonly ob-
served,7,22,23,26,27 and it is mainly due to the anisotropic
growth and the unequal distribution of dislocations.22,23 For
semipolar (112̄2) nitrides (e.g. InN,23,26 GaN,7 and AlGaN27),
the XRC FWHM value was found to be larger along [11̄00]
than along [1̄1̄23].

Figure 3 shows the on-axis XRC FWHM values measured
along both in-plane directions of the (112̄2) InGaN layers.
The (0002) XRC FWHM values of the (0001) InGaN layers
are plotted for comparison. For reference, the XRC FWHM
values of the (112̄2) GaN templates were 0.28o along [11̄00]
and 0.2o along [1̄1̄23]. The XRC FWHM values of the InGaN
layers increased with decreasing growth temperature, indicat-
ing a reduced crystal quality. Interestingly, the XRC FWHM
values along [1̄1̄23] were found to be larger than the values
along [11̄00] at the temperature range of 700 - 775oC. This
change was attributed to the change of strain relaxation status
of the layers (Table I, and Figs. 2 and 3). In the applied XRD
measurement method for the determination of indium content,

the layers were assumed to be fully strained along [11̄00];18

it is expected that some partial relaxation occurred along that
direction when the layers were grown below 725oC due to a
small shift along [11̄00] of the (2̄1̄33) InGaN reflection with
respect to the (2̄1̄33) GaN reflection. Consequently, the layer
may start to relax along [11̄00] (≈725oC), the XRC FWHM
values increase and then reach a larger value than along [1̄1̄23]
(< 700oC). The expected partial relaxation along [11̄00] of
the (112̄2) InGaN layers grown at below 725oC may lead to
a change of average composition. To clarify this expectation,
further investigation will be needed.

In the case of the (0001) InGaN layers, the XRC FWHM
value (≈0.1o) of the fully strained (0001) InGaN layer
( 750oC) is comparable to that for the (0001) GaN template,
while the relaxed layer has much larger XRC FWHM value,
e.g. ≈0.53o for the sample grown at below 725oC (Fig. 3).
This indicates that new threading dislocations were generated
in the relaxed (0001) InGaN layers ( 725oC) and hence broad-
ened the XRC scans.

In this section the composition and crystal quality of the
(112̄2) and (0001) InGaN/GaN layers are discussed. For In-
GaN growth temperature >750oC the indium incorporation
on the two orientations was similar, whereas at lower tem-
peratures a divergence was observed, with the (0001) layers
having higher indium content. This is attributed to the rapid
change in morphology and strain state for these samples. As
expected the crystal quality in both cases decreased with de-
creasing growth temperature.

C. Optical properties

The room-temperature luminescent properties of the In-
GaN layers were investigated using three different excita-
tion sources. For the (0001) InGaN layers, no near band-
edge (NBE) luminescence related to InGaN was observed
when using the weakest 325 nm CW excitation source. In-
stead, only a broad band at ≈560 nm was found,28 which
most probably corresponds to the yellow luminescence of
(0001) InGaN and GaN. Using the 244 nm CW excitation
source, weak NBE luminescence related to the (0001) InGaN
layers could be observed for In≥ 10%. Under the high in-
tensity pulsed excitation at 266 nm, clear NBE luminescence
was observed for the samples with In-content up to 15%,
matching the point of relaxation in the (0001) InGaN samples.
The RT-PL peak emission wavelength of the fully strained
(0001) InGaN layers (3%≥ In≥ 15%) varied from 377 nm to
433 nm (Fig. 4(b)). However, the (0001) InGaN layers grown
below 750oC (In> 15%) did not show NBE emission, but ev-
idence of defect-related luminescence was observed.

The (112̄2) InGaN layers showed NBE luminescence at
room temperature (Fig. 4) irrespective of the excitation source
used. The much higher PL intensity of the (112̄2) InGaN lay-
ers than that for the (0001) InGaN layers might be due to
background doping and/or carrier localization effects. It is
well-known that impurities such as oxygen may be uninten-
tionally incorporated into the III-nitride films during growth,
making the films n-type in nature. For n-type GaN, e.g. c-
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FIG. 4. (a) RT-PL spectra measured with 244 nm CW (dashed lines)
and 266 nm (solid lines) pulsed excitation lasers of the (112̄2) InGaN
layers grown at different temperatures. (b) The RT-PL peak emission
wavelength of the (0001) and (112̄2) InGaN layers measured with
325, 244, and 266 nm excitation sources.

plane Si:GaN,29–31 the PL intensity of NBE GaN was found
to be increased with increasing doping concentration. Re-
cently, it has been reported that the oxygen incorporates into
InGaN and GaN layers during growth (>1018 cm-3) is much
higher in the (112̄2) and (112̄0) oriented material than that
for the (0001) orientation (<1× 1017 cm-3).17,32 Secondary
ion mass spectrometry measurements were performed on our
InGaN samples and found that O-concentration was about
1× 1018 cm-3 for (112̄2) InGaN and less than 1× 1017 cm-3

for (0001) InGaN. Thus, the high oxygen impurity incorpora-
tion may enhance the PL intensity of the (112̄2) InGaN sam-
ples compared to the (0001) InGaN samples.

In addition to the enhanced PL intensity of the
(112̄2) InGaN layers caused by the O-incorporation, the en-
hanced PL intensity might be also due to the localization ef-
fects.33 Carrier localization effects might be derived from self-

organized indium-rich InGaN regions (i.e. deviations from
randomness). Carrier localization can prevent carriers from
reaching defects, leading to a reduction of non-radiative re-
combination rates. In the case of the (0001) InGaN layers, a
very high density of pits was observed on the surface, associ-
ated with dislocations in InGaN that are non-radiative cen-
ters.34 Using low excitation powers, most carriers will be
trapped in the non-radiative centres, resulting in the defect
related luminescence of the (0001) samples. High excitation
powers can lead to a partial saturation of the trap lumines-
cence with the excess carriers able to radiatively recombine
at the (0001) InGaN NBE. However, when the (0001) InGaN
layers are relaxed (> 15%), the defect densities increase lead-
ing in turn to an increase in non-radiative recombination caus-
ing elimination of the NBE luminescence even at elevated ex-
citation power.

Figure 4(a) shows the normalized RT-PL spectra of the
(112̄2) InGaN layers grown at different temperatures mea-
sured with the 244 nm and 266 nm excitation sources. The
RT-PL peak emission wavelengths are almost the same for the
325 nm and 244 nm CW lasers. However, a blue-shift up to
60 nm of luminescence was observed by using the 266 nm ex-
citation source. Multiple interference peaks are clearly ob-
served due to the presence of the Fabry-Pérot effect in the
sapphire/epilayer/air cavity.35 Furthermore, no yellow lumi-
nescence attributed to the GaN templates was observed for
the (112̄2) InGaN samples, consistent with the data obtained
on the as-grown (112̄2) GaN templates. However a weak lu-
minescence band at longer 650 nm was observed and that is
attributed to defects in the (112̄2) GaN and InGaN layers.

The NBE PL peak emission wavelength (estimated from
Gaussian fit of the corresponding band) of the (0001) and
(112̄2) InGaN layers measured by the different excitation
sources are shown in Fig. 4(b). For In< 5.7% (800 - 825oC),
both layers have similar NBE PL peak emission wavelength
(≈375 - 400 nm). Within the range of 5.7%≥ In≥15% (800 -
750oC), even though the (0001) InGaN layers have similar in-
dium content (Fig. 2), the peak emission wavelength of the
(112̄2) InGaN layers shifts to longer wavelength than that for
the (0001) InGaN layers. The red-shift of the (112̄2) InGaN
NBE may be due to the presence of BSFs, typically at a high
density in hetero-epitaxially grown semi-/non-polar films;
however, only a 10 nm shift is observed for (112̄2) GaN.6

The red-shift of the (11 22) InGaN NBE might be also due
to the stronger carrier localization.33 It is worth noting that
recently we compared the RT-PL peak emission wavelength
(244 nm and 325 nm excitation sources) of InGaN materials
grown on different (112̄2) GaN templates (emission wave-
length ≈460 - 560 nm) that have a low and high density of
BSFs. The (112̄2) GaN templates with the low BSF den-
sity (< 4× 103 cm-1) were grown on patterned r-plane sap-
phire substrates.36 The (112̄2) GaN templates with the high
BSF density (≈(3.2±0.3)× 105 cm-1), which are mainly dis-
cussed here, were grown on m-plane sapphire.7,19 Both InGaN
quantum wells (≈4 - 10 nm) and single layers (≈30 nm) with
15 - 23% In-content grown on the two different GaN templates
show similar RT-PL emission wavelengths indicating that the
effect of BSFs on the red-shift of the (112̄2) InGaN NBE is
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FIG. 5. The FWHM values of the RT-PL spectra measured with dif-
ferent excitation sources of the InGaN layers grown at different tem-
peratures.

weak.
The PL peak emission wavelength of the (112̄2) InGaN lay-

ers shows a strong blue-shift (up to ≈60 nm) with increasing
excitation power (Fig. 4(a)). The blue-shift might be due to
the screening of the built-in electric field and the filling of
the band-tail localized states.33 The PE strongly affects lu-
minescence position of very small structures, e.g. quantum
wells and dots, and its effect rapidly decreases with increasing
thickness. For the 25 - 30 nm thick InGaN layers, residual PE
exists in the strained and partially relaxed layers, and hence
may induce the shift of luminescence. However, as shown in
Fig. 4(b), the (0001) InGaN NBE shows almost no shift, irre-
spective of the excitation source used. Thus we can neglect
the effect of PE in the shift of the (112̄2) InGaN NBE.

As shown in Fig. 5, the FWHM value of the RT-PL peak
wavelength of the InGaN layers increases with decreasing
growth temperature, while the RT-PL peak integrated inten-
sity decreases (not shown). The decrease in PL integrated in-
tensity indicates a reduction in the sample quality.

Due to the weak effect of BSFs on the red-shift of the
(112̄2) InGaN NBE with respect to the (0001) InGaN NBE
(9.4%≥ In≥ 15%), the blue-shift of the (112̄2) InGaN NBE,
and the decrease of the RT-PL FWHM values with increasing
excitation power can be explained in the framework of carrier
localization-delocalization. To clarify that, we further mea-
sured PL spectra together with PLE absorption edge at 12 K
using a Xenon lamp excitation source (Fig. 6). The absorption
edge positions of the (112̄2) InGaN layers were determined
using a sigmoidal fit.37 It is worth noting that the indium con-
tents determined by the PLE absorption edge using a bowing
parameter of 1.36,38 and the indium contents determined by
XRD measurements (Fig. 2) for the (112̄2) InGaN layers are
in satisfactory agreement between each other.

As shown in Fig. 6(b), a Stokes-shift between PL peak
emission wavelength and PLE absorption edge can be ob-
served confirming our previous assumption about the carrier

FIG. 6. The LT-PL and PLE spectra (a) and peak emission wave-
length (b) measured at 12K of the (112̄2) InGaN layers grown at dif-
ferent temperatures.

localization in the layers. The Stokes-shift increases from 30
to 200 meV with increasing indium content correlated to the
increase of exciton localization. Consequently, the band fill-
ing in the localized states induces the blue-shift of the PL peak
emission wavelength of the (112̄2) InGaN layers due to the in-
crease of carrier concentration caused by the increase of exci-
tation power.33

In this section, the PL properties of the InGaN samples
were studied by different excitation wavelengths. At RT, only
the fully strained (0001) InGaN layers show clear NBE lumi-
nescence when the layers were excited by the 266 nm exci-
tation source. The relaxed (0001) InGaN layers do not emit
light due to the increase in defect density/non-radiative cen-
tres. In contrast, the (112̄2) InGaN layers have much higher
defect density but the layers have the much stronger PL in-
tensity irrespective of the excitation source used. This was
attributed to high background doping and the carrier localiza-
tion in the layers.
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IV. CONCLUSIONS

We have reported on the growth of the InGaN layers si-
multaneously on (0001) GaN and (112̄2) GaN templates us-
ing MOVPE. The indium composition of the InGaN layers
was found to have a strong dependence on growth temper-
ature. For both (112̄2) and (0001) InGaN layers, a similar
indium content (<15%) was obtained at growth temperature
≥750oC, while a lower indium content in the (112̄2) InGaN
layers (15 - 26%) compared to that of the (0001) InGaN lay-
ers grown at the same time (15 - 32%) was observed in the
lower growth temperature range (675 - 750oC). This sharp di-
vergence is attributed to the sudden change in the strain state
of the (0001) layers. The strain relaxation of the (112̄2) InGaN
layers correlated with the change of the crystallinity and
the tilt angle. The RT-PL peak emission wavelength of the
(112̄2) InGaN layers varied from 380 nm to 580 nm. The blue-
shift of the RT-PL peak emission wavelength with increasing
excitation power was attributed to band filling effects in the
InGaN layers.
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