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Abstract

This study explored the effects of compositional variation of Al-Cu 206 alloys (Si and Mn
concentrations, 0.12 wt.% each vs. 0.3 wt.% each) on the precipitation and thermal stability of 6’
precipitates, and the associated elevated-temperature strengths during long-term thermal exposure at 300
°C. The results indicated that both alloys under the T7 condition exhibited comparable yield strengths (Y'Ss)
at 20 and 300 °C, which were predominantly controlled by 8’ precipitates. Upon exposure at 300 °C for up
to 1000 h, the 8’ precipitates in the alloy with low Si and Mn concentrations remained stable and resistant
to transformation into the equilibrium 8 phase. However, the coarsening of 8’ was locally anisotropic along
<100>a; directions and proceeded through both lengthening and thickening, resulting in the continuing
decline in YS at 300 °C from 93 MPa after 300°C/100h to 78 MPa after 300°C/1000h. Conversely, the 8’
precipitates in the alloy with high Si and Mn concentrations underwent almost complete transformation
into deleterious 6 after only 100 h at 300 °C, thus imparting a significantly lower YS of 69 MPa after
300°C/100h. The possible sources of these microstructure and property changes with the compositional
variation were explored. This study has implications for strategic design of Al-Cu alloys for high-
temperature applications.
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1. Introduction

Owing to their high strength-to-weight ratio, the Al-Cu alloys are increasingly being used for the
fabrication of thermally critical structural components, such as engine blocks, cylinder heads, and pistons,
in the automobile industry, which operate at elevated temperatures [1-3]. Effective functionality at higher
temperature and stress conditions is one of the key parameters required of the new generation powertrain
components [4,5]. The operating temperature has been continuously increasing with the development of
more efficient internal combustion engines, and it is expected to increase further to 300-350 °C in the near
future [4,5]. This implies the necessity for durable aluminum alloys that preserve robust elevated-
temperature mechanical properties after long-term thermal and thermo-mechanical exposure during service.
However, when exposed to temperatures exceeding 200 °C, the high strength Al-Cu alloys, which are
predominantly strengthened by a large number of nanoscale metastable 6' precipitates, display a rapid
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decline in mechanical properties [5-7]. This is primarily attributed to the coarsening of 6' precipitates and
their transformation as the exposure temperature and time increase [5,6,8].

Recent studies have garnered increased interest in the stabilization of 8’ precipitates in Al-Cu alloys at
even higher temperatures via alloying with some transition metals [9-16]. It has been reported that Zr, Mn,
and Sc were beneficial for the thermal stability of 8’ precipitates through their segregation to 6'/a-Al
interfaces, which significantly improved the elevated-temperature mechanical properties [9,11,14,15,17].
Our research group recently demonstrated that in the presence of Zr, V, and Ti, as well as an optimum
amount of Mg in Al-Cu 224 alloys, the 8’ precipitates formed during the aging treatment remained stable
and resistant to coarsening during thermal exposure at 300 °C for up to 1000 h [13]. However, adding
transition metals does not appear to provide similar stabilizing effects on the 6" precipitates in Al-Si-Cu
alloys, e.g., 319, in which the 8’ precipitates are the dominant strengtheners as well [5,18]. This is likely
due to the presence of Si in the Al-Si-Cu alloys that accelerates the 8’ to 6 transformation [19,20]. Although
Si is an important alloying element in most Al-Cu alloys [21,22], it is not yet clear what Si concentration
could influence the thermal stability and coarsening behavior of 8’ precipitates in Al-Cu alloys during long-
term thermal exposure at 300 °C.

The presence of a certain amount of Si in combination with Mn in Al-Cu 206 alloys has also been
reported to be an effective approach for minimizing the deleterious influence of Fe [23]. However, this
approach necessitates the addition of relatively higher concentrations of both Si and Mn to the alloy than
the amounts typically in Al-Cu 206 alloys [23].Although Mn in combination with Zr has been found to
increase the stability of 8’ phase to higher temperatures [11,24], its 8'-strengthening effect in the presence
of Si in Al-Cu alloys has not been revealed yet.

Among the various alloys in the Al-Cu system, the 206 cast alloys are widely used for the manufacture
of critical automotive and aerospace structural components [23]. Recent studies have shown that, with the
exposure of T7-treated 206 alloy at 300 °C for 200 h, almost a complete transformation of 8’ precipitates
into equilibrium 6 phase occurred in the microstructure, rendering the alloy with a significantly lower yield
strength at 300 °C (5660 MPa) [11,24] compared to the YSs of 105-140 MPa at 300 °C of similar 240-
T7 and 224-T7 cast alloys [13]. The present study aims to investigate the effects of Si and Mn
concentrations on the precipitation of 8’-Al,Cu precipitates in Al-Cu 206 alloys during aging treatment,
their thermal stability, and the evolutions of their associated elevated-temperature strengths during long-
term thermal exposure at 300 °C.

2. Experimental Methodology

Two Al-Cu 206 alloys were investigated in the present study. The chemical compositions of the
experimental alloys, analyzed using optical emission spectroscopy, are listed in Table 1. For simplicity, the
alloys with low and high Si/Mn concentrations are referred to as the 206-L and 206-H alloys, respectively.
The concentrations of Ti were obtained through the addition of Al-5Ti-1B grain refining master alloys to
the molten metal. The standard ASTM B-108 permanent mold was used to produce the cast bars of the
experimental alloys. The melt preparation and casting process were explained in detail in Ref. [23]. The
average grain size was measured as ~ 130 um for both alloys using linear intercept method.

The cast samples were heat-treated in an electrical air-circulating furnace to obtain the T7 temper. It
consisted of a solution treatment at 520 °C for 10 h, followed by water quenching to room temperature. The
artificial aging was executed at 185 °C for 5 h. To investigate the microstructural and mechanical responses
of the T7-treated alloys during high-temperature exposure, the samples were held at 300 °C for three
different times: 100, 500, and 1000 h, hereafter referred to as 300°C/100h, 300°C/500h and 300°C/1000h
exposures, respectively.

Microstructural characterization of the alloys was performed using scanning electron microscopy
(SEM) and transmission electron microscopy (TEM). Specimen preparation for the microstructure
observations under SEM was conducted using standard metallographic techniques. The TEM specimen was
prepared by punching a thin sample that was 3 mm in diameter and ~400 pm thick, followed by reducing
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the sample thickness to ~50 pm via grinding and polishing. It was finalized by twin-jet electrochemical
polishing in a solution consisting of 67% methanol and 33% nitric acid. The voltage in the twin-jet
equipment was set at 20 V, and the temperature of the solution was maintained between -20 and -30 °C.
The microstructure observations using TEM were performed under the g200 beam condition. The two-
beam convergent beam diffraction pattern was used to measure the thickness of the TEM specimen in the
observed field. To qualitatively assess the level of solute enrichment in the a-Al matrix, electrical
conductivity tests were performed using a Sigmascope SMP10 unit at a frequency of 60 kHz.

The mechanical performance of the experimental alloys was characterized by conducting compressive
yield strength tests and Vickers microhardness tests. A Gleeble 3800 thermo-mechanical simulator unit was
used to measure the yield strength at 20 and 300 °C. The compression tests were conducted on specimens
that were 10 mm in diameter and 15 mm in height at a strain rate of 10~} 5! until a total strain of 0.2 was
reached. Several specimens (at least three) were used per condition for the compression tests. Vickers
microhardness testing was executed under a load of 100 g and dwell time of 20 s.

3. Results and Discussion
3.1. As-cast and solutionized microstructures

Characterization of as-cast and solutionized microstructures is of importance because the precipitation
of @' precipitates during the aging heat treatment is influenced by the alloying elements and solute content
in the a-Al matrix [13,25]. Fig. 1a,b show the typical as-cast microstructures of the experimental alloys. The
microstructure of the 206-L alloy was composed of a-Al dendrite cells, needle-like Al;CuzFe intermetallics,
and the eutectic Al,Cu phase (Fig. 1a). In contrast, the script-like Aljs(FeMn)s;Siz intermetallic, eutectic
Al>Cu and Mg>Si phases, were found in 206-H alloy (Fig. 1b). Clearly, the high Mn and Si concentrations
in the 206-H alloy promoted the formation of script-like Alis(FeMn)3Siz instead of needle-like Al;CuxFe.
Moreover, increasing the Si content in the 206-H alloy caused the formation of a trace amount of Mg>Si
particles during solidification (Fig. 1b).

During the solution treatment, the majority of eutectic Al,Cu particles in two alloys underwent
dissolution into the a-Al matrix, while both Al;Cu;Fe and Al(FeMn)Si intermetallics remained undissolved
(Fig. 1c,d). Few Mg»Si particles in 206-H alloy experienced complete dissolution in the matrix. A
qualitative comparison of the amount of undissolved Al>,Cu particles reveals that there were slightly more
particles in the 206-H alloy than in the 206-L alloy.

To verify the stable phases and to estimate the solute concentration in the matrix, the thermodynamic
equilibrium analyses at 520 °C were conducted using Thermo-Calc software with TCAL 4 database,
considering the sufficiently long solution time (10 h). The results are presented in Table 2, which indicate
that the a-Al and Al;CuzFe phases are the stable phases in 206-L alloy, whereas in 206-H alloy these are
a-Al, Al(FeMn)Si and Al>Cu phases after solutionized at 520 °C. The results from Thermo-Calc calculation
also imply that the Cu concentrations in the a-Al matrix of both alloys are similar. The types of phases
predicted by thermodynamic analyses are in reasonably good agreement with the microstructural
observations (Fig. 1c,d). The presence of slightly more undissolved Al>Cu in 206-H can be attributed to the
fact that certain amount of Cu in 206-L alloy were consumed by insoluble Cu-rich Al;CuFe intermetallics
formed during solidification (Fig. 1c). From the estimated solute concentrations of a-Al matrices of two
alloys (

), it can be deduced that higher Si and Mn in 206-H alloy could also result in the higher supersaturation
in its matrix upon solutionizing of this alloy compared to 206-L alloy. This is consistent with the EC and
microhardness measurements of both alloys after solution treatment (see Table ). Lower EC value and higher
microhardness for 206-H alloy indicates a higher degree of solute supersaturation in 206-H. The a-Al
matrix of 206-H becomes more supersaturated with Si and Cu.



3.2.Mechanical strength and microstructure under the T7 condition

The compressive yield strengths (YSs) at room temperature of the experimental alloys in the T7 state is
shown in Fig. 2. Both alloys had a similar YS, although the 206-H alloy possessed a slightly higher YS
than the 206-L alloy (~398 vs. 392 MPa). The room-temperature tensile properties of alloys with the same
composition as 206-L and 206-H have been studied in [23]; it was reported that the ultimate tensile strength
(UTS) and YS of the 206-L alloy under the T7 condition were 454 and 413 MPa, while the UTS and YS of
the 206-H alloy were 461 and 423 MPa, respectively. For a given alloy, although a slight difference exists
between the compressive and tensile YSs, which might be due to the different loading paths used in these
studies, the results from both studies confirm that the room-temperature mechanical strengths of both alloys
are very close.

The compressive Y Ss at 300 °C of the experimental alloys in T7 state are also shown in Fig. 2. Clearly,
the Al-Cu 206 alloys experienced a significant reduction in their YSs compared to those at room
temperature. The 206-L alloy possessed a YS of ~160 MPa at 300 °C, while the 206-H alloy had a YS of
~172 MPa. Similar to the room-temperature properties, the 206-H alloy possessed a moderately higher YS
at 300 °C than the 206-L alloy.

Because precipitation hardening is the major strengthening mechanism in Al-Cu alloys [13], the
precipitates formed during the aging treatment were studied using TEM. The typical microstructure of the
206-L alloy is shown in Fig. 3a, exhibiting a great number of nanoscale precipitates with a uniform length
distribution. The corresponding selected area diffraction pattern (SADP) reveals the spots (Fig. 3b) that are
the characteristic feature of the 8'-Al>Cu phase [30]. The average thickness and length of 8’ precipitates
were measured as 3.6 and 46 nm, respectively (Table 3). In addition to the predominant 8’ phase, a few
cubic fine precipitates were observed (Fig. 3a), which were identified as ¢ (AlsCusMg2) phase based on
their morphology and the TEM-EDS results (Table 4) [16,31].

The microstructure of the 206-H alloy was also composed of the predominant 6’ precipitates (Fig. 3c,
d). However, the 8’ precipitates, with an average thickness and length of 3.9 and 55 nm, respectively,
exhibited a comparably less uniform length distribution, which is also evidenced by the remarkably larger
standard error of the average length compared to those in the 206-L alloy (Table 3). Correspondingly, the
0’ precipitates appeared less dense in the 206-H alloy relative to the 206-L alloy (1812 vs. 2197 pm). In
addition to the 8’ precipitates, numerous dark spots were observed in the microstructure of the 206-H alloy
(Fig. 3¢). These spots are thought to be the cross-sections of needle-like f"-MgSi precipitates formed along
<001>a; directions [32]. The diameter of the dark spots was approximated at 4 nm, which is in the typical
range of the cross-sectional diameter of "-MgSi precipitates [33,34].

As for the strengthening contribution under the T7 condition, the room-temperature YSs of both alloys
were undoubtedly governed primarily by the 8’ precipitates. 8’ is well known as the primary strengthening
phase in Al-Cu alloys, contributing to the strengthening by the Orowan looping mechanism [13,32,35]. The
B" phase observed in the 206-H alloy (see Fig. 3) is known as an effective alloy strengthener in Al-Cu-Mg
and Al-Mg-Si alloys [8]. The B" phase, owing to its needle-like morphology, requires relatively lower
concentrations of alloying elements, i.e., Mg and Si, in the alloy compared to the platelet-shaped
precipitates to provide similar levels of strengthening [32]. Moreover, the 8’ and " precipitates in the
microstructure of the 206-H alloy did not appear to overlap, which produces low interparticle spacing and
thus a better strengthening effect [32]. Although a lower number density of 8’ precipitates was observed in
the 206-H alloy compared to the 206-L alloy (see Table 3), the presence of additional B" precipitates as a
minor phase in the former alloy gave this alloy a relatively higher strength compared to the 206-L alloy.

A significant reduction in the YS of both alloys at 300 °C (see Fig. 2) is primarily attributed to the
thermally activated dislocation motion through climb and cross-slip, which become increasingly effective
at high temperature [36]. Because the compression tests at 300 °C for the T7 samples were completed
within a few minutes owing to the quick resistance heating in the Gleeble unit, microstructural changes of
the strengthening precipitates are thought to be negligible, and therefore, the 8’ or the co-existence of 8’
and B" precipitates in both alloys still controlled the strengths measured at 300 °C. Similar to the trend in
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the room-temperature Y'S, the 206-H alloy showed a moderately higher Y'S at 300 °C relative to the 206-L
alloy.

3.3.Elevated-temperature strengths and thermal stability of &' precipitates during
long-term thermal exposure

To evaluate the effect of compositional variation on the elevated-temperature streFiduring long-term
thermal exposure, the samples, after the T7 treatment, were thermally exposed at 300 °C for 100, 500, and
1000 h, and the compressive Y Ss of these samples were measured at 300 and 20 °C. As shown in Fig. 4a,
the YSs at 300 °C of the 206-L and 206-H alloys after the 300 °C/100 h exposure were 93 and 69 MPa,
respectively, which are reduced by 67 MPa (40%) and 103 MPa (60%) compared with those obtained in
the T7 state (Fig. 2). This indicates a significant reduction in the YSs at 300 °C of both alloys after the 300
°C/100 h exposure relative to the T7 state. With prolonged thermal exposure, both alloys showed a
gradually declining Y'S at 300 °C. The YS at 300 °C of the 206-L alloy decreased from 93 MPa after 100
h to 86 MPa and finally to 78 MPa after 500 and 1000 h, respectively, while the YS at 300 °C of the 206-
H alloy dropped from 69 MPa after 100 h to 66 MPa and further to 64 MPa after 500 and 1000 h,
respectively. It is worth remarking here that the 206-L alloy after the 300°C/1000h exposure still possessed
a higher YS at 300 °C than the 206-H alloy after the 300°C/100h exposure (78 vs. 64 MPa), indicating
superior thermal stability of the former alloy over the latter.

Powertrain components generally encounter high thermal loads during start-stop cycles [2], where the
room-temperature strengths of aluminum cast parts after a long thermal exposure period are also critical
for the durability of the engines. It can be seen from Fig. 4b that the evolution of the YSs at 20 °C after
prolonged thermal exposure reveals a similar trend to that observed at 300 °C (Fig. 4a). The YS at 20 °C
of the 206-L alloy decreased from 150 MPa after the 300°C/100h exposure to 135 MPa and further to 119
MPa after the 300°C/500h and 300°C/1000h exposures, respectively. In contrast, the YS at 20 °C of the
206-H alloy decreased from 110 MPa after the 300°C/100h exposure to 104 MPa after the 300°C/1000h
exposure. These results indicate that the 206-L alloy displays significantly higher YSs than the 206-H by
40 MPa (35%) after the 300°C/100h exposure and 15 MPa (14%) after the 300°C/1000h exposure.

Fig. Sa—c shows the typical TEM images and the corresponding SADP of the 206-L alloy after the
300°C/100h exposure. The microstructure is characterized by the presence of 8’ precipitates, appearing
much coarser (15.3 nm in average thickness and 192 nm in average length, Fig. 5a, b and Table 5) than those
observed under the T7 condition (Fig. 3a and Table 3). Coarsened 6’ precipitates, in turn, contributed less
to the strengthening of the alloy [13,32,37], and therefore, a significantly lower elevated-temperature YS
was obtained for the 206-L alloy after the 300°C/100h exposure (Fig. 4) than in the T7 state (Fig. 2).

Moreover, unlike in the T7 state (Fig. 3a), the 8’ precipitates after thermal exposure exhibited a fairly
non-uniform distribution along the two edge-on {200} a1 planes resolved under the <001>4; zone axis (see
Fig. 5a, b). The 6’ precipitates in the region indicated by the arrow in Fig. 5b were predominantly aligned
along the [010]a direction, whereas most of the precipitates in the other regions in Fig. 5b were parallel to
the [-100]a1 direction. The SADP in Fig. 5c corresponding to Fig. 5b also reveals a much higher intensity
of diffraction spots representing 8’ precipitates on one of the two resolved edge-on {200} a1 planes compared
with the other. These observations imply that the 6’ precipitates in a given local region, existing on a certain
{200} a1 plane, predominantly undergo coarsening during thermal exposure, while the precipitates in that
local region existing on the other {200} a1 planes tend to shrink and eventually vanish. Coarsening occurred
through a further increase in the size of the larger precipitates at the expense of smaller precipitates, which
is also called Ostwald ripening [3,38]. Moreover, the diffusion fields between the neighboring plate-shaped
precipitates have been reported to exert significant influence on the tendency of precipitates to experience
either coarsening or dissolution [39,40]. The interaction of the diffusion fields of neighboring precipitates
lying along the same {200} a; plane favors the coalescence of these precipitates to reduce the interfacial
energy, whereas the same interaction between the neighboring precipitates lying along different {200} a1
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planes restricts their coalescence [39,41]. These competing interactions and Ostwald ripening, taking place
concurrently during coarsening, are thought to be responsible for such locally anisotropic coarsening of the
@' precipitates along with the <100>4 directions during thermal exposure of the 206-L alloy. It is speculated
that such locally anisotropic coarsening in a certain local region of an a-Al grain commences through the
coalescence of the precipitates in the {200} a1 plane that was most favorable for this process to occur, and
the precipitates in the other two {200} a1 planes, which were in a comparably less favorable position for
their coalescence, tended to shrink and eventually disappear as the radius of curvature of these precipitates
soon became smaller than that of coalescing/coalesced precipitates.

After the prolonged 300°C/1000h exposure, no evidence of the 6’ to 8 transformation was observed in
the 206-L alloy as the precipitates remained 8’ phase with platelet morphology (Fig. 5d, e) with spot
reflections representing 8’ in the corresponding SADP (Fig. 5f). Hence, it can be implied that, although
they have a locally non-uniform distribution along {200} o1 planes, the 8’ precipitates in the 206-L alloy
remain stable during thermal exposure at 300 °C for long times. Moreover, coarsening of the 8’ precipitates
during thermal exposure proceeded not only by lengthening, but also by thickening, as their average
thickness increased from ~15.3 nm after 300°C/100h to ~18.5 nm after 300°C/1000h (Table 5), largely
explaining why the YS at 300 °C of the 206-L alloy gradually decreased with prolonged thermal exposure
because thickening, as opposed to lengthening, contributes more to the increase in interparticle spacing,
and hence decrease in strength [42].

Fig. 6 shows the typical microstructure of the 206-H alloy after 300°C/100h exposure, which exhibited
the principal equilibrium 8 (Al>Cu) phase with a small fraction of 8’ precipitates. The corresponding SADP
also reveals weak faint spots representing the 8’ phase (Fig. 6¢), indicating a largely reduced fraction of 8’
phase in this condition. In addition to the dominant 8 phase, some S (Al.CuMg) and 3 (Mg2Si) particles as
minor phases, identified based on the TEM-EDS results (Table 6), were also observed in the microstructure
(Fig. 6b).

Undoubtedly, the instability of 8’ and transformation from 8’ to 6 in the 206-H alloy during thermal
exposure is responsible for the significantly lower YS compared to the 206-L alloy (Fig. 4) because the
coarse equilibrium 6 phase has a negligible strengthening effect [43]. It is thus inferred that the dominant
@' precipitates in the 206-L alloy after the 300°C/100h and even the 300°C/1000h exposures, as opposed to
the 8-dominated microstructure in the 206-H alloy after the 300°C/100h exposure, renders the former alloy
higher strength after even 1000 h of exposure compared to the latter one after 100 h of exposure (Fig. 4).
Undoubtedly, the few remaining 6’ precipitates in the 206-H alloy after the 300°C/100h exposure (Fig. 6a,
b) underwent a complete transformation into equilibrium 6 during prolonged thermal exposure, slightly
reducing the elevated-temperature YS of this alloy after 1000 h of exposure (Fig. 4).

3.4. Comparison of the thermal stability and associated elevated-temperature strengths
of various Al-Cu alloys

As shown in Fig. 5, the 6’ precipitates remained relatively stable in the 206-L alloy even after the
300°C/1000h exposure. In recent studies [11,24], it was reported that the majority of the ' precipitates in
an Al5CuMg 206-type alloy were transformed into undesirable equilibrium 6 phase after a 300°C/200h
exposure. Correspondingly, the YS at 300 °C of this alloy after the 300°C/200h was approximately 60
MPa (Fig. 1 in [11,24]), which is remarkably lower than that of the 206-L alloy even after the 300°C/1000h
exposure (Table 7). By comparison, it was found that the AISCuMg alloy in [11,24] had almost the same
chemical composition as the 206-L alloy in the present study except a much lower Ti concentration (0.02
wt.% vs. 0.21 wt.% in 206-L). Recently, it was discovered that Zr and Sc can exert beneficial effects on the
thermal stability of 8’ precipitates through their segregation to 8'/a-Al interfaces and, hence, significantly
improved the elevated-temperature mechanical properties [9,11]. Considering the close chemical homology
between Ti and Zr [10] and the observed segregating tendency of Ti toward 6'/a-Al interfaces [44], it is
plausible that the improved stability of the 8’ precipitates in the 206-L alloy after the 300°C/1000h exposure
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in the present study was associated with the excess content of Ti that tends to stabilize the 8’ phase in a
manner similar to that of Zr [11,42,45].

These studies [11,24] also demonstrated that through the combined addition of Zr and Mn to a 206-
type alloy, the 6" precipitates remained resistant to transformation into equilibrium 6 phase after a
300°C/200h exposure, thus giving the alloy a much higher YS at 300 °C (Table 7). A recent study [13] in
our group has shown that the presence of multiple transition elements (Zr, V, and Ti) could greatly improve
the thermal stability of 8’ and thus increase the Y'S at 300 °C of Al-Cu alloys to a much higher extent (Table
7). Locally anisotropic coarsening of the 6’ precipitates along the <100>4; directions during the thermal
exposure of the 206-L alloy (see Fig. 5) indicates that the efficiency of Ti in retarding the coarsening of 8’
precipitates was inferior to the combined addition of some transition elements, such Zr, Mn, Sc, V, and Ti
[11,14,15,17,45,46]. The 0’ precipitates in the Zr/V/Ti-containing Al-Cu 224 alloy exposed at 300 °C for
100-1000 h were almost equal along all two edge-on {200} a1 planes when viewed along the <001>a1 zone
axis [13]. The inferior efficiency of Ti in retarding the coarsening of 8’ is also evidenced by the coarsening
of the 6’ precipitates that proceeded through both lengthening and thickening in the 206-L alloy (Table 5).
In contrast, the 8’ precipitates in the Zr/V/Ti-containing Al-Cu 224 alloy [13] solely showed lengthening-
dominated coarsening and no thickening during long-term thermal exposure. This could explain why the
206-L alloy displayed the continuing decline in Y'S with prolonged thermal exposure, but the YS remained
constant at the high level of ~120 MPa in the Zr/V/Ti-containing Al-Cu 224 alloy during thermal exposure
at 300 °C up to 1000 h [13].

In addition, although it had the same high Ti concentration, the majority of 8" precipitates in the 206-
H alloy transformed into equilibrium 6 phase after the 300°C/100h exposure (Fig. 6), indicating much lower
stability of 8’ phase in this alloy than in the 206-L alloy. This is thought to be associated with the higher
concentration of Si in the 206-H alloy compared to the 206-L alloy (see Table 1). The kinetics of the 8’ to 6
transformation have been found to accelerate in Al-Si-Cu foundry alloys containing 7-9% Si due to the
deleterious influence of Si on the stability of the 8’ phase [18-20,42], although the mechanism behind this
effect remains unknown. Studies on Al-Cu alloys have revealed that Si substitutes on Cu lattice sites in the
0’ phase [21], and the content or solubility of Si in this phase substantially decreases with increasing
temperature [21]. Hence, the exposure of the 206-H alloy at 300 °C could cause segregation of some Si
from the 6’ phase toward the a-Al matrix. It might be possible that the segregation of Si from the 8’ phase
and fast diffusivity of Si in the a-Al matrix facilitate the transformation of 8’ into equilibrium 8 phase. The
206-H alloy also contained more Mn (0.3 wt.%), but this element has been found to possess a stabilizing
effect on the 6’ phase via its segregation to 8’-Al>Cu/a-Al interfaces [11,45]. It is thus worth remarking that
the deleterious influence of 0.3 wt.% Si on the stability of 8’ precipitates overcomes the beneficial effect of
the transition elements, such as Ti and Mn. Therefore, effective control of the thermal stability of the 6’
phase in Al-Cu alloys also requires accurate control of the Si concentration or the possibility of neutralizing
its deleterious influence.

4. Conclusions

The present study focused on the effects of compositional variation of Al-Cu 206 alloys (Si and Mn
concentrations, 0.12 wt.% each vs. 0.3 wt.% each) on the thermal stability of 8’ precipitates and elevated-
temperature strengths during long-term thermal exposure at 300 °C. The following conclusions can be
drawn.

e Both Al-Cu 206 alloys under the T7 condition exhibited comparable room/elevated-temperature
strengths, which were predominantly controlled by the 8’ precipitates. The alloy with more Si and Mn
possessed slightly higher strength due to the co-existence of major 8’ and minor " precipitates.

e The O’ precipitates in the alloy with low Si and Mn concentrations remained stable and resistant to
transformation into the equilibrium 6 phase during thermal exposure at 300 °C for up to 1000 h, while
the alloy with high Si and Mn concentrations experienced an almost complete transformation of 8’ to
0 after only 100 h of exposure at 300 °C.



e The 6’ precipitates observed equally along with all <001>a; directions under the T7 condition in the

alloy with low Si and Mn concentrations underwent locally anisotropic coarsening along the <001>4;
directions during thermal exposure. Moreover, coarsening after prolonged exposure proceeded with
both lengthening and thickening, resulting in the continuing decline in the YS from 93 MPa after the
300°C/100h exposure to 78 MPa after the 300°C/1000h exposure.

The instability of the 8’ precipitates and accelerated transformation to the deleterious 6 phase during
thermal exposure in the alloy with high Si and Mn concentrations gave it a significantly lower elevated-
temperature YS (69 MPa after the 300°C/100h exposure and 64 MPa after the 300°C/1000h exposure).
By comparing both alloys and with other similar Al-Cu alloys, the impacts of Si and Ti on the thermal
stability of 8’ precipitates were explored. The key role of the combined addition of transition elements
on improving 8’ stability and the strategic design of Al-Cu alloys for high-temperature applications
were highlighted.
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List of tables:

Table 1. Chemical composition of experimental alloys (wt.%).

Alloys Cu Si Mn Mg Fe Ti Al
206-L 4.64 0.12 0.12 0.27 0.14 0.21 Bal.
206-H 4.61 0.29 0.32 0.29 0.16 0.21 Bal.

Table 2. Types of stable phases and the solute concentration of experimental alloys, which are predicted
by thermodynamic equilibrium analysis at 520 °C using Thermo-Calc software.

Alloy Stable phases Composition of a-Al matrix, wt. %
Cu Mg Si Mn Al
206-L a-Al, Al;CuFe 437 027 0.12 0.12 Bal.

206-H o-Al, Al(FeMn)Si and ALCu 447 0.29 0.19 0.11 Bal

Table 3. Electrical conductivity and microhardness of the two alloys after solution treatment.

Alloy EC, % IACS  Microhardness, HV
206-L 31.57 116.2
206-H 29.86 118.4

Table 3. Quantitative TEM results of the 8’ phase in the experimental alloys under the T7 condition.

Allo Length,  Thickness, Number
Y um um density, pm-

0.0460 _ 0.0036
206-L o011y (x0.0006) 27

0.0550  0.0039
206-H 160200 (£0.0008) 1812

Table 4. TEM-EDS results of the 5-AlsCusMg> phase (1) and the matrix (2) shown in Fig. 3a.
Analyzed EDS results (wt.%)
phases Cu Mg Si Mn Ti Al
o0-AlsCugMg, 1644 2.18 - 0.07 0.1 81.20
a-Al 290 032 - 0.08 0.28 96.44

Table 5. Quantitative TEM results of the 8’ phase in the 206-L alloy after exposure at 300 °C.
Exposure  Length,  Thickness,
time um um
0.192 0.0153
100h  0097)  (20.0048)
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0.2059 0.0185

1000h 16 089)  (£0.0104)

Table 6. TEM-EDS results of the 6-Al2Cu (1), S-Al.CuMg (2), B-MgzSi (3), and a-Al matrix (4) shown
in Fig. 3a.

Analyzed EDS results (wt.%)
phases Cu Mg Si Mn Al
6-ALCu  30.7 - - 69.1

S-AbLCuMg 22.1 93 57 08 620
B-Mg,Si 02 145 63 04 784
a-Al 1.8 0.08 0.02 0.07 979

Table 7. Comparison of the elevated-temperature YSs of various Al-Cu cast alloys.
YS at 300 °C

#  Alloys 100/200 h 500 h 1000 h Reference

1 206-L 93 86 78 Present study
2 Al5CuMg (206) —T7 60 * _ [11.24]

3 AlI5CuMnZr-T7 105 * _ [11,24]

4 AI5CuMgZrVTi (224) 142 125 125 [13]

Note: * - the thermal exposure condition of these materials is 300°C/200h [11,24].
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Fig. 1. Optical micrographs sowing the ypcl as-cast (a, b) and solutionized (c, d) microstructures of
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Fig. 2. Compressive YSs of the experimental alloys in the T7 state tested at 20 and 300 °C.
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Fig. 3. TEM images (a, ¢) and corresponding SKDP (b, d) from the (a, b) 206-L and (c, d) 206-H alloys
under the T7 condition. The cross-marks numbered 1 and 2 in Fig. 3a indicate where the TEM-EDS
analyses were performed.
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15



Flg 6. TEM images (a, b) and the correspondmg SADP (c) of ‘the 206-H alloy after the 300°C/100h

exposure. The cross-marks numbered 1, 2, 3, and 4 in Fig. 6b indicate where the TEM-EDS analyses were
performed.
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