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Abstract: Thermomechanical processes, such as forging, are important steps during manufacturing of
superalloy components. The microstructural development during processing, which controls the final
component properties, is complex and depends on e.g., applied strain, strain rate and temperature.
In this study, we investigate the effect of process parameters on the dynamic and post-dynamic
recrystallization during hot compression of Ni-base superalloy Haynes 282. Specifically, we address
the effect of deformation below the grain boundary carbide solvus temperature. During deformation,
discontinuous and continuous dynamic recrystallization was observed at the grain boundaries,
and particle-stimulated nucleation occurred at primary carbides. Strain rate was determined to be
the governing factor controlling the recrystallization fraction for strain rates up to 0.5 s−1 above
which adiabatic heating became the dominating factor. Careful examination of the temperature
development during deformation showed that the response of the closed-loop temperature control
system to adiabatic heating can have important effects on the interpretation of the observed behavior.
During a 90 s post-deformation hold, grain growth and an increasing fraction of twin boundaries
significantly changed the deformation-induced microstructure and texture. The microstructure
developed during post-dynamic recrystallization was mainly controlled by the temperature and only
weakly coupled to the prior deformation step.

Keywords: Ni-base superalloys; dynamic recrystallization; post-dynamic recrystallization; hot
deformation

1. Introduction

Ni-base superalloys offer excellent combinations of high-temperature mechanical
properties and oxidation/corrosion resistance [1]. Typical applications include hot sections
in aero engines, stationary gas turbines and oil and gas industry. With the increasing
demands for reduced emission, developing and improving alloy properties to withstand
e.g., increased operation temperatures is of importance.

To obtain the optimal performance, the microstructure must be controlled precisely.
However, due to the chemical complexity and phase distribution of superalloys, the pro-
cessing is generally very demanding. Thermomechanical processes involve deformation at
high temperatures (hot working), where the thermal energy allows numerous phenomena
to occur: dynamic recovery (DRV), discontinuous and/or continuous dynamic recrystal-
lization (dDRX and/or cDRX) and post-dynamic recrystallization (pDRX). A particular
form of pDRX, occurring when the deformation is stopped but the temperature remains,
is the growth of grains and nuclei formed during the preceding DRX process without
further need for nucleation. This is usually referred to as meta-dynamic recrystalliza-
tion (mDRX). Further microstructural changes can occur due to static recovery (SRV),
static recrystallization (SRX) and grain growth during subsequent annealing and heat
treatment [2–4]. Therefore, understanding the effects of the processing parameters on the
microstructural evolution during hot working is essential to allow proper control of the
final properties. In general, the low stacking fault energy of Ni-base superalloys typically
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lead to dDRX, as exemplified by [5], although the occurrence of simultaneous cDRX is
also reported [6]. The DRX process in such alloys is also characterized by pronounced
development of annealing twins [7]. However, as a result of the complex microstructure in
Ni-base superalloys, the material response during thermomechanical processing depends
strongly on the specific alloy.

Haynes 282 (H282), a new γ′ strengthened Ni-base superalloy developed by Haynes
International, which belongs to the same class of alloys as Waspaloy and René 41 [8].
Due to slow γ′ precipitation kinetics it exhibits high fabricability and weldability while
maintaining strength, creep and oxidation resistance [8]. The equilibrium fraction of γ′ (L12
Ni3(Ti,Al)) in the disordered gamma FCC matrix is approximately 20% in the fully heat-
treated condition. Secondary M23C6 and M6C carbides precipitate at grain boundaries [8,9]
which improve creep resistance and prevent grain boundary sliding.

Most previous research into the microstructure and processing of H282 has focused
on microstructure-property relationships [10–15], microstructure stability and related ef-
fects [16,17] and heat treatments [18,19] of already forged material. Limited efforts have
been made towards understanding the effects of prior thermomechanical processing steps,
i.e., forging. Joseph et al. [20,21] showed that alignment of primary carbides from forg-
ing can lead to inhomogeneous grain size distributions and anisotropy in the ductility.
Gardner et al. [22] applied multistep processing, and showed that SRX during interpass
annealing is an important factor, but also that the effects of previous steps on the final mi-
crostructure is negligible if the processing conditions during the final step allows sufficient
DRX. Metzler and Fahrman [23] studied the effect of thermomechanical processing in the
temperature range 1100–1200 ◦C by hot compression of H282 bar stock material to total
strains of 0.4 and 0.8 at strain rates between 0.5 and 8.5 s−1. Samples were also subjected to
post-deformation annealing at the deformation temperature for times between 10 s and 2 h.
It was demonstrated that under these conditions the grain size in the as-deformed state
was only weakly dependent on the deformation parameters, but was mainly controlled by
post-deformation annealing. Shi et al. [24] investigated the hot deformation behavior of
H282 at temperatures between 950 and 1210 ◦C, and strain rates between 0.01 and 10 s−1,
and concluded that the optimal hot working range is 1100–1180 ◦C and 0.01–0.1 s−1, in
order to produce a fine and uniform microstructure.

Notably, all these studies, with the exception of [24] were performed at deformation
temperatures of 1100 ◦C or above, thus removing all or most of the grain boundary carbides
during pre-deformation soaking, as the solvus for these carbides has been measured to be in
the range 1100–1120 ◦C [25]. However, the pre-deformation soaking in [24] was performed
at 1200 ◦C (above the grain boundary carbide solvus) and the time for stabilization at the
deformation temperature below the solvus was only 180 s, which is not expected to lead to
significant carbide precipitation. Thus, although testing was performed below the carbide
solvus, no or only small amounts of grain boundary carbides would have been present. On
the other hand, in many industrial situations it is desirable to forge at temperatures well
below the solvus temperature of grain boundary carbides to provide an additional means to
control the grain size. Since typical pre-deformation soaking times in industrial processes
are in the order of 0.5–1 h, significant carbide precipitation can be expected, and hence the
microstructural evolution of starting conditions containing grain boundary carbides is of
great interest. Similarly, pDRX is always expected to occur in industrial sized forgings,
due to the limited cooling rates achievable, which was not considered when determining
the optimal hot working range in [24]. Furthermore, none of the above-mentioned studies
have reported the quantitative evolution of other important microstructural characteristics,
such as texture, annealing twin density etc.

In this study, we attempt to further elucidate aspects of the microstructural develop-
ment during hot deformation of H282 at temperature below the grain boundary carbide
solvus temperatures. In particular, we investigate the effect of pDRX during a post-
deformation hold and the texture evolution resulting from dDRX and pDRX. Cylindrical
samples were subjected to hot compression under deformation conditions chosen to be
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representative of industrial applications, and the deformed specimens were investigated
using electron backscatter diffraction (EBSD) in order to characterize the resulting mi-
crostructures. We observe several nucleation mechanisms during DRX, including dDRX,
cDRX and particle-stimulated nucleation (PSN) at primary MC carbides. At lower strain
rates (0.05 and 0.5 s−1), the temperature did not affect the DRX microstructure (grain size
and DRX area fraction), which were instead controlled by the applied strain rate. At 5 s−1

the contribution from adiabatic heating dominated the response, leading to a strong tem-
perature effect. The deformation texture inherited by the DRX grains was removed during
the 90 s post-deformation hold through the formation of annealing twins during mDRX.
The final microstructure after the hold period was determined by the temperature, with
no influence of strain rate. We also discuss the complicating effects of adiabatic heating
on the results, which must be considered in the interpretation of hot compression studies
at non-quasistatic strain rates. Notably, we do not study the explicit effect of the grain
boundary carbides, as their influence is difficult to distinguish from pure thermal effects.
Here we aim to provide a detailed study of the microstructure formed under sub-solvus
deformation conditions in order to provide a solid base for further dedicated studies of the
DRX kinetics and to allow design of dedicated tests to probe the role of grain boundary
carbides in this process.

2. Materials and Method

The chemical composition of H282 (in wt.%) can be found in Table 1. The material
was obtained in the form of 15 mm thick slices cut from a billet with a diameter of 152
mm (6 inches). The billet corresponds to a typical starting condition for industrial forging
operations. Cylindrical samples with a diameter of 8 mm and a height of 12 mm (with the
axis of symmetry in the thickness direction of the slice), Figure 1a, were machined along
the mid-radius of the slice to maintain a constant microstructure. Prior to deformation, the
samples were soaked at the deformation temperature for 30 min in a muffle furnace with
atmospheric environment and subsequently water quenched. This was done to mimic the
pre-deformation soaking applied before deformation in industrial forging processes.

Table 1. Chemical composition of Haynes 282 (in wt.%) according to material certificate.

Ni Cr Co Mo Ti Al Fe Mn Si C B

bal 19.3 10.2 8.7 2.2 1.5 0.9 0.05 <0.05 0.06 0.004

Hot compression testing was performed in a Gleeble 3800 thermomechanical simulator,
(Dynamic Systems Inc., Austin, TX, USA). Thin graphite discs were placed between the
sample and grips in order to minimize friction [26], and the temperature was measured
by a thermocouple spot welded to the middle of the gauge length. The samples were
heated resistively to the deformation temperature over a period of 60 s (heating rates of
approximately 17 ◦C s−1) and held for 10 s in order to stabilize the temperature prior to
deformation. Hot compression to a nominal (true) strain of approximately −0.8 (height
reduction of around 0.55) was performed with constant deformation rate corresponding
to strain rates of 0.05 s−1, 0.5 s−1 and 5 s−1 at two temperatures, 1060 and 1080 ◦C. Two
samples were tested for each condition. One was water quenched directly after deformation
(delay time between end of deformation and start of the water quenching was measured to
be approximately 0.5 s), and the other was held at the deformation temperature for 90 s at
constant displacement (leading to rapid stress relaxation) after deformation before being
water quenched. Hereafter, the subset of samples quenched directly after deformation are
denoted Q, and the samples with the subsequent hold at deformation temperature, prior to
quenching, are referred to as H. Figure 1b schematically shows the entire process, including
pre-deformation soaking.
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Figure 1. (a) Cylindrical sample before deformation (height 12 mm, diameter 8 mm). (b) Experimental procedure of the
Gleeble testing. Blue lines represent the Q samples (quenched directly after deformation) and orange lines represent the H
samples (held at temperature for 90 s after deformation prior to quenching). (c) Sample after deformation, showing barreling.

Despite the attempts to reduce friction, barreling was observed after compression,
Figure 1c. Importantly, this is also an indication that the strains and strain rates (and thereby
also the temperatures) will be inhomogeneously distributed within the sample. Finite
element simulations of hot deformation of superalloy specimens under similar conditions
have shown that the effective strain differs throughout the sample volume [27,28] and a
sample compressed to a nominal strain of 0.8 can easily exceed 1 in the central region [28].
Another factor affecting the strain, strain rate and temperature distribution within the
sample is the significant temperature gradients introduced by the heat conduction to the
cooler grips. This was quantified by testing samples with additional thermocouples spot
welded at both end of the samples around 1–2 mm away from the contact points with the
grips, showing that the difference between the control thermocouple at the center and the
edges of the specimen is typically in the order of 50–150 ◦C prior to deformation, which
is consistent with finite element simulations [29,30]. An additional important aspect to
consider, which will be discussed more in detail later, is the occurrence of adiabatic heating
during deformation which is important in terms of thermal activation. Due to the larger
strains in the central region of the samples, the temperature at the center will be even
higher than what was measured by the thermocouple at the surface, but according to finite
element simulations for similar set-ups the difference is expected to be in the order of
10 ◦C [31,32].

Due to these well know issues in hot compression testing, which are very difficult to
resolve, we limited the microstructural investigations to the central region of the specimens
in this study. As the exact conditions in terms of local strain, strain rate and temperature
history is therefore not precisely known, the microstructure is representative of a given
nominal hot deformation condition. Furthermore, due to the unknown inhomogeneous
distribution of strain, strain rate and temperature discussed above, we did not attempt
to compensate the stress-strain response for adiabatic heating, as such compensation is
dependent on the invalid assumption of homogeneous deformation. Iterative finite element
simulations, as suggested by Daniel et al. [33] and Jedrasiak and Shercliff [34], in order to
identify the true constitutive response of the materials during hot compression is outside
the scope of the present work.

Each sample was cut at the center with a Beuhler low speed saw to allow examination
of the cross-section. The samples were ground using SiC paper, down to a grit of P4000,
polished with 3 µm, 1 µm and 0.25 µm diamond particles and finished with a colloidal
silica suspension polishing. EBSD measurements of the central regions of the samples
were made in Tescan GAIA3 (TESCAN, Brno, Czech Republic), and LEO Ultra 55 FEG-
SEMs (ZEISS, Oberkochen, Germany), equipped with NordLys II detectors, at acceleration
voltages of 20–30 keV with step sizes between 0.125 µm to 1 µm, based on magnification
and resolution required. Data analysis was performed in HKL Channel5 software (version
5.12.74.0, Oxford Instruments, Abingdon, UK).
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3. Results
3.1. Initial Microstructure and Effect of Pre-Deformation Soaking

Figure 2 shows the microstructure for the as-received billet ((a)–(e)), a sample soaked
at 1060 ◦C for 30 min ((f)–(j)), and a sample soaked at 1080 ◦C for 30 min ((k)–(o)). The
microstructure consisted of equiaxed grains with an average size of approximately 75 µm
(which did not change during soaking) and no strong texture. Although the grain bound-
aries in as-received billet was free from secondary carbides, Figure 2c, these precipitated
during soaking, Figure 2h,m. Primary MC carbides were observed in all three conditions.
Twin boundaries were prevalent in all three samples and a slight increase in fraction of
twin boundaries could be observed with increasing soaking temperature. This increase
could be due to growth of the annealing twins which have been seen in pure nickel [35],
but the effect is very small and not statistically verified.

3.2. Adiabatic Heating

Figure 3a,b shows the temperature measured by the thermocouple at the surface of the
samples during deformation at 1060 ◦C and 1080 ◦C, respectively. The surface temperature
increased with increasing strain rate (Figure 3c), and for 5 s−1 at 1080 ◦C it even exceeded
the carbide solvus (1100 ◦C), but the test times were too short to allow for any significant
carbide dissolution. The increase in temperature due to adiabatic heating agrees with
similar studies [26,36].

The expected duration of the deformation at strain rates 0.05 s−1, 0.5 s−1 and 5 s−1

were 14 s, 1.4 s and 0.14 s, respectively. However, due to acceleration and deceleration of
the deformation lead to non-linear scaling of times and the true deformation duration for
samples compressed at 5 s−1 was 0.3–0.4 s. The maximum temperatures were measured to
occur at 1.5 s, 0.6 s and 0.2 s for 0.05 s−1, 0.5 s−1 and 5 s−1, respectively. In response to the
adiabatic heating the closed-loop control system attempted to correct for the temperature
rise, which resulted in an undershoot in temperature. As a result, the samples were
quenched from different temperatures, displayed with black circles in Figure 3a,b. At
0.05 s−1, the temperature returned to the target temperature after about 2–3 s, where it
remained until quenching (which occurred at time >80 s and therefore not seen in Figure 3).
At 0.5 s−1, the quenching occurred during the undershoot, at temperatures approximately
20 ◦C below the target. At the highest strain rate, 5 s−1, the quench occurred before
the undershoot, and samples were therefore slightly above the target. Adiabatic heating
and temperature undershoots also occurred in the H samples, but the temperature was
stabilized after 3 s and should not have a significant effect on the response during the
90 s hold.

3.3. Mechanical Response

Figure 4a,b shows the true stress–strain curves for each deformation condition. Stresses
and strains were calculated from the force–displacement data based on the assumption
of homogeneous deformation. However, this assumption was not valid, as discussed in
the experimental procedure, so the stress-strain data should therefore be considered for
qualitative comparison only. The mechanical response of the Q and H samples was very
similar for all cases, indicating good repeatability.
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Figure 2. Initial microstructures for the billet in as-received condition (a–e), soaked at 1060 ◦C (f–j) and at 1080 ◦C (k–o).
(a,f,k) show IPF maps (black lines are HAGB > 10◦), with corresponding {100}, {110} and {111} pole figures (orientation with
respect to the compression direction during subsequent deformation, horizontal in the images). (b,g,l) shows the grain size
distributions from the EBSD measurements. (c,h,m) shows backscattered electron images of grain boundaries, revealing the
absence of grain boundary carbides in (c) and their presence in (h,m). (d,i,n) shows twin boundaries (red lines) superposed
on band contrast maps. (e,j,o) show grain boundary misorientation distributions. Black scale bars are 1 mm and white are
50 µm.
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Figure 3. Measured temperature during deformation for samples deformed at 1060 ◦C (a) and 1080 ◦C (b). Solid and dashed
lines for Q and H samples, respectively. Initiation of quench for 0.5 s−1 and 5 s−1 is marked with black circles in the graphs.
(c) Maximum temperature measured for each sample with the target temperatures marked with black dashed lines.

The stress levels were higher at the lower temperature, and increased with increasing
strain rate. The peak stress (σp) increased approximately linearly with the logarithm of
the strain rate, Figure 4c, whereas the strain at which the peak stress occurred (εp) did not
shift monotonously to higher levels with increasing strain rate (Figure 4d). Instead, εp was
highest for the intermediate strain rate, 0.5 s−1, for both temperatures. Based on interrupted
hot compression tests of Ni-base superalloy Inconel 718, it was argued by Nicolay et al. [37]
that the decrease in εp at higher strain rates is a result of adiabatic heating. Furthermore,
the softening was also less pronounced for 0.5 s−1 compared to both higher and lower
strain rates. This could possibly be related to the observed temperature undershoot during
the last third of the deformation at 0.5 s−1 (as discussed above), which would increase
the flow stress. A comparison can be made to the results in Shi et al. [24], where hot
compression tests were performed at a range of strain rates and temperatures, where 1050
and 1100 ◦C were the closest temperatures bounding the present test conditions. Examining
the stress-strain curves for these particular temperatures in [24], similar trends could be
observed. The strain corresponding to peak stress was higher at 1 s−1, compared to 0.1 and
10 s−1, at least before the 10 s−1 curve was corrected for adiabatic heating. Furthermore,
the softening rate after peak stress was lower at 1 s−1, although not as pronounced as in
the present results.

An additional quantitative comparison with Shi et al. [24] can be made in terms of the
strain rate and temperature dependence of σp. Figure 5a compiles σp from [24] as a function
of strain rate for the different temperatures, as well as the current results. Clearly the peak
stress obtained here falls in the range between measurements at the bounding temperatures
(1050 and 1100 ◦C) with a very similar strain rate dependence. Shi et al. [24] used the
following relationship between the temperature compensated strain rate (Zener-Hollomon
parameter), Z, and peak stress:

Z = ε̇ exp
{

Q
RT

}
= A(sinh[ασp])

n, (1)

here ε̇ is the strain rate, Q is the activation energy, R is the gas constant, A and n are
material constants and α an adjustable parameter. Using α = 0.006 from [24] the strain rate
and temperature dependence of sinh[ασp] can be compared with the data from literature,
Figure 5b,c, showing very good agreement. As the slopes of ln(sinh[ασp]) vs. T−1 agree
well, the same activation energy as in [24] (Q = 498 kJ mol−1) was used to compare the
results in terms of Z-dependence of σp. As seen from Figure 5d, the current data falls very
close to the best fit obtained by [24]. In total, the agreement between our data and the
results previously obtained is excellent, which is encouraging for the generalization of
the results.
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Figure 4. True stress-strain curves for samples deformed at 1060 ◦C (a) and 1080 ◦C (b). Solid lines are for samples that
were quenched directly after deformation (Q) and dashed are for the held (H) samples. (c,d) Peak stress, σp and strain at
peak stress, εp, as functions of strain rate, respectively.

Figure 5. Comparison of current results with data from Shi et al. [24]. In all cases, gray solid points are data from Shi et al.
and gray lines are linear fits as obtained in [24]. (a) Peak stress σp as a function of temperature, (b) sinh[ασp] as a function of
strain rate. (c) sinh[ασp] as a function of inverse temperature. (d) sinh[ασp] as a function of Zener-Hollomon parameter Z
(obtained using Q = 498 kJ mol−1).
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3.4. Post-Deformation Microstructure

None of the Q samples showed a fully recrystallized microstructure, Figures 6a–c and
7a–c. The large deformed grains were elongated as a result of the compression, and were
surrounded by small DRX grains. During deformation at 1060 ◦C, the area fraction of DRX
grains decreases monotonously with increasing strain rate, Figure 8. At 1080 ◦C, on the
other hand, a minimum is observed at the intermediate strain rate, 0.5 s−1. Such behavior
is frequently seen in the literature (see e.g., [37] for a summary), and will be discussed later.
Note here that the separation of DRX and deformed grains were made based on grain size,
where the threshold grain size was adjusted manually for each map using visual inspection
until satisfactory separation was obtained, Figure 9.

The calculated DRX fraction was, however, relatively insensitive to the selected thresh-
old grain size, as shown by the error bars in Figure 8. The error bars represent the span
corresponding to a 20% decrease or a 50% increase the threshold compared to the selected
values. After post-deformation hold, Figures 6d–f and 7d–f, the microstructures in samples
deformed at both 1060 and 1080 ◦C were fully recrystallized as a result of pDRX.

Figure 6. IPF maps for all samples deformed at 1060 ◦C, where black lines show HAGB > 10◦and grey lines LAGB < 10◦.
(a–c) Q samples deformed at strain rates of (a) 0.05 s−1, (b) 0.5 s−1 and (c) 5 s−1, respectively. (d–f) H samples deformed at
strain rates of (d) 0.05 s−1, (e) 0.5 s−1 and (f) 5 s−1. The scale bars are 200 µm. Deformation direction was horizontal with
respect to the IPF maps.
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Figure 7. IPF maps for all samples deformed at 1080 ◦C, where black lines show HAGB > 10◦and grey lines LAGB < 10◦.
(a–c) Q samples deformed at strain rates of (a) 0.05 s−1, (b) 0.5 s−1 and (c) 5 s−1, respectively. (d–f) H samples deformed at
strain rates of (d) 0.05 s−1, (e) 0.5 s−1 and (f) 5 s−1. The scale bars are 200 µm. Deformation direction was horizontal with
respect to the IPF maps.

Figure 8. DRX fraction for each strain rate.
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Figure 9. Maps showing the recrystallized (blue) and deformed (yellow) grains separated by a grain size specific to each
sample. Black lines show HAGB > 10◦. (a–c) are maps of Q samples deformed at 1060 ◦C and (a) 0.05 s−1 (cut-off grain size
dc = 12 µm), (b) 0.5 s−1 (dc = 7 µm) and (c) 5 s−1 (dc = 10 µm). (d–f) show Q samples deformed at 1080 ◦C and (a) 0.05 s−1

(dc = 15 µm), (b) 0.5 s−1 (dc = 7 µm) and (c) 5 s−1 (dc = 12 µm).

3.5. Grain Size

Figure 10a shows the strain rate dependence of the average grain size (equivalent
circle diameter) of the DRX fraction in the Q samples, dDRX. The difference between 1060
and 1080 ◦C is negligible, and a minimum can be observed at 0.5 s−1 in both cases. After
the post-deformation hold, on the other hand, no effect of strain rate can be seen, whereas
the average grain size dav in the samples deformed at 1080 ◦C is slightly larger than in
those deformed at 1060 ◦C, Figure 10b, although the spread in grain size is too large to
draw firm conclusions. Additionally, looking at the maximum grain size observed after the
post-deformation hold, Figure 10c, significantly larger grains were present in the 1080 ◦C
samples. As there was no difference in the average grain size of the DRX fraction for the
two temperatures, Figure 10a, this shows that the grain growth occurring during pDRX is
strongly temperature dependent. The maximum grain size, measured as the average of
the largest 1% of the grains in the data set (dL), shows a minimum at 0.5 s−1 at 1080 ◦C,
but no such effect is seen at 1060 ◦C. Only looking at the single largest grain in the data set
(dmax) gives similar results, although a smaller difference between the temperatures can
be observed.
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Figure 10. Grain sizes for the investigated deformation parameters. (a) the average grain size and standard deviation of the
recrystallized grains for the Q samples. (b) the average grain size and standard deviation of all grains for the H samples.
(c) both the grain size of the single largest grain (dashed lines) and the average size and standard deviation of the 1% largest
grains (solid lines) for the H samples.

As grain size is not usually normally distributed, the mean and standard devia-
tion does not provide a complete picture. Further information can be obtained from the
grain size distributions shown in Figures 11 and 12. The histograms were derived from
500× 500 µm2 areas, and were not weighted for edge or corner intersection. This is not
expected to have a significant impact, since that would predominantly affect the large
deformed grains, which are of no interest in the present study. Please note that the x-axis in
Figures 11 and 12 are limited to an equivalent circle diameter of 100 µm. Some of the largest
grains will fall outside this limit, but since the size of the large deformed grains were of no
interest this does not affect the interpretation. All grains (including those outside the axis
limits) are included in the calculation of the histograms in Figures 11 and 12.

The behavior is similar for both temperatures. In the Q samples, the bin with the
highest area fraction of DRX grains is 5–10 µm in samples deformed at 0.05 and 5 s−1,
whereas the 0.5 s−1 samples showed a larger fraction in the smallest bin (0–5 µm). This
is also seen in the relative frequency distributions, where the frequency in the 0–5 µm
bin is highest at 0.5 s−1, indicating a larger number of very small grains. The low area
fractions of small DRX grains in the sample deformed at 1060 ◦C/5 s−1 is an artefact due to
the presence of a few very large grains (equivalent diameters around 150 µm, outside the
axis limits) occupying a large fraction of the area. This is symptomatic of EBSD grain size
measurements from limited areas arising from statistical variations. However, in order to
not risk being affected by spatial variations from inhomogeneous strains, strain rates and
temperatures we limited the scan area to 500× 500 µm2 in the central region of the samples.

During the post-deformation hold, the microstructure became more uniform and did
not seem affected by the previous strain rate. The relative frequency of grain sizes for the
H samples were rather uniform for all strain rates at each temperature, Figures 11d–f and
12d–f. Deformation temperature did have an effect however, as deformation at the higher
temperature resulted in a microstructure with a larger maximum size and a wider grain
size distribution, which explains the lager error bars for 1080 ◦C in Figure 10b.
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Figure 11. Grain size distribution for samples deformed at 1060 ◦C. (a–c) area fraction, (d–f) relative (number) frequency.
Diameter here refers to the equivalent circle diameter from EBSD. Please note that there are large grains falling outside the
x-axis scale, see text.

Figure 12. Grain size distribution for samples deformed at 1080 ◦C. (a–c) area fraction, (d–f) relative (number) frequency.
Diameter here refers to the equivalent circle diameter from EBSD. Please note that there are large grains falling outside the
x-axis scale, see text.

To further study the grain size after DRX and pDRX, Figure 13 shows the relative
frequency of the logarithm of the grain size of the DRX fraction in the Q samples and the
full data set from the H samples. Here the differences in the distribution of the smallest
grains can be clearly seen, where the distribution is shifted to much smaller grain sizes
at 0.5 s−1 compared to 0.05 and 5 s−1, which are very similar. The distribution in the H
samples is broader at 1080 ◦C, as previously noted, but here we also see a truncation at
smaller grain sizes which will contribute to a slightly larger measured average grain size,
as seen in Figure 10b.
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Figure 13. Histograms of the logarithm of the relative frequency of grain size in the DRX fraction in Q samples, and the full
data set in H samples. (a–c) samples deformed at 1060 ◦C and 0.05, 0.5 and 5 s−1 respectively. (d–f) samples deformed at
1080 ◦C and 0.05, 0.5 and 5 s−1.

3.6. Texture

Figure 14 shows the texture after deformation and after post-deformation hold. The
deformed grains in the Q samples (left-most columns in Figure 14a,b) show a strong
compression ({110}‖ compression axis) fiber texture. This texture, although significantly
weaker, is inherited by the DRX grains present in the Q samples (middle columns). This
is consistent with typical DRX mechanisms, where the new grains nucleate either from
bulging of subgrains (dDRX) or local subgrain rotation (cDRX), both of which would
produce a strong relationship between parent and nuclei. The {110} texture is weaker at
5 s−1 compared to the two lower strain rates at both 1060 and 1080 ◦C.

After the post-deformation hold, samples deformed at 1060 and 1080 ◦C exhibit
significant differences. Traces of the {110} fiber texture is still visible after hold at 1060 ◦C
(rightmost columns in Figure 14a) although weaker and more diffuse compared to the Q
condition. After hold at 1080 ◦C the texture was lost and appears close to random (rightmost
columns in Figure 14b). Texture randomization is often connected to the evolution of
annealing twins during growth of the recrystallized grains [38], which will be further
explored in the discussion.
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Figure 14. {110} pole figures (with compression axis out of the plane) showing the texture in the deformed and DRX
fractions for the Q samples, as well as the resulting texture in the H sample. (a) samples deformed at 1060 ◦C and (b)
samples deformed at 1080 ◦C. The color bars below each column indicates the scale in terms of a multiples of random
distribution (MUD).

4. Discussion
4.1. Dynamic Recrystallization
4.1.1. DRX Mechanisms

A necklace structure was observed after deformation and quenching for all test con-
ditions, which is usually attributed to the prevalence of dDRX. The nucleation during
dDRX occurs through formation and growth of grain boundary serrations and/or growth
of subgrains located at grain boundaries [2–4,39]. Figure 15a,b show several clear examples
of grain boundary serrations extending into neighboring grains (black arrows), typical
of dDRX. Interestingly, the bulging occurs from both directions, suggesting that it is the
local environment that controls the formation and growth of the serrations, rather than
differences on average stored energy within the two grains. In the standard model for
dDRX nucleation, the new grain will form due to shear induced boundary formation or
twinning, to “cut” the bulging nuclei from the parent grain [2–4,39]. Examples of this can
be clearly seen in the regions marked by white rectangles in Figure 15c–e, also indicated by
black arrows in (d).

The white arrow in Figure 15a points to a subgrain in the process of transforming
to a DRX grain by increasing misorientation, without the aid of grain boundary bulging.
Multiple small nuclei apparently forming in the same way can be seen in the grain boundary
region marked by the white rectangle. Nucleation by progressive subgrain rotation usually
occurs during cDRX [2–4,39], which typically require much larger strains for activation
compared to dDRX. However, it has been reported that the initial stages of cDRX can
actually lead to similar microstructures as dDRX as the nucleation events will be confined
to the grain boundary regions with higher dislocation density [40,41]. From Figure 15
we can note the concentration of deformation to regions close to the grain boundaries,
marked by multiple white arrowheads in Figure 15b,e. The boundaries between the less
deformed interiors and the strain concentrations at the grain boundaries is relatively sharp,
the orientation changing by some 4–10◦.
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Figure 15. Nucleation of DRX grains. (a) Band contrast and (b) IPF maps from a sample deformed at 1080 ◦C and 0.05 s−1,
showing bulging grain boundaries (black arrows) and misoriented subgrains along grain boundaries (white arrow and white
rectangle). A long low angle boundary with misorientation in the range 5–7◦ is indicated by multiple white arrowheads
in (b). (c) Band contrast, (d) IPF and (e) grain reference orientation deviation (GROD) maps from same sample as in (a),
showing “cutting off” of DRX grains by twinning (red lines in the white rectangles, also marked with black arrows in (d),
and concentration of deformation along grain boundary (multiple white arrowheads in (e). Scale bar is 20 µm.

4.1.2. Particle-Stimulated Nucleation

Beside dDRX and cDRX nucleation at grain boundaries, particle-stimulated nucleation
(PSN) at primary MC carbides could occasionally be observed, Figure 16. Although PSN
during SRX is frequently reported for numerous alloying systems, and widely studied,
it is less often encountered during DRX [39]. It has, however, been reported to occur
in e.g., alloys based on Mg [42], Al [43] and Ti [44], as well as low carbon steel [45].
For Ni-base superalloys PSN was reported to occur at carbides during hot working of
extremely coarse grained Waspaloy [46], presumably due to limited nucleation possibilities
at sparsely distributed grain boundaries. Limited PSN at carbides was also observed in a
Ni-30%Fe-Nb-C alloy deformed at 1075 ◦C [47].
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Figure 16. Evidence of particle-stimulated nucleation in a sample deformed at 1060 ◦C, 5 s−1. (a) IPF map with multiple
occurrences of PSN. A to E indicate different nucleation sites. The misorientation profiles along lines 1–4 (white arrows) are
shown in (b). (c,d) show the KAM and GROD maps, respectively, corresponding to (a). (e) IPF map showing larger clusters
of DRX grains surrounding an intragranular carbide. (f,g) Nucleation at clusters of smaller carbides. In all cases red grain
boundaries at Σ3 twins. The scale bar in all images is 20 µm. Black grains indicate carbides.

Nucleation of new grains during PSN is facilitated by the dislocation substructure
associated with the sharp orientation gradients developed around large (≥2 µm) non-
deformable particles [48,49]. In the present case, PSN was observed to occur at carbides both
in the interior of deformed grains and at grain boundaries. Figure 16a–d show examples,
where small DRX grains can be observed around intragranular carbides (labelled A and
B). Interestingly, these new grains have high, sharp misorientation with the surrounding
deformed matrix, as shown by the misorientation line profiles for lines 1–3 in Figure 16b
(positions of the lines are indicated by white arrows in Figure 16a), which contradicts the
proposed mechanisms of nucleation from deformation-induced subgrains formed in the
strain gradients around the particles. The kernel average misorientation (KAM, defined
as the misorientation between a pixel and its neighbors) map in Figure 16c clearly shows
concentration of lattice rotation around carbides A and B. The intragranular DRX nuclei
labelled C, on the other hand, does not appear to be connected to a carbide. However,
it is possible that the grain is the result of PSN at a carbide located above or below the
imaged cross-section. Another possibility is that the grain has nucleated from a band
of more concentrated deformation, as indicated in the GROD map in Figure 16d, where
the orientation gradients surrounding the new grain are seen to be significant. However,
the misorientation measured at the boundary between the surrounding matrix and the
recrystallized grain C is very large (line 4 in Figure 16b) indicating that it is likely a result
of PSN. The GROD map in Figure 16d also highlights the very inhomogeneous strain
distribution in the deformed grains. As shown by the line profile from line 4, Figure 16b,
the misorientation changes progressively with a difference of over 30◦over a distance of
some 70 µm. Carbides D and E appear to have facilitated nucleation at the grain boundary,
which is otherwise free of DRX grains. Another example of intragranular PSN is seen
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in Figure 16e, where a larger grain cluster has developed from carbides. Even small
carbides, and clusters of small carbides, can lead to DRX nucleation (indicated by arrows in
Figure 16f,g. A general observation is that there is a very high degree of twinning involved
in the formation of PSN clusters surrounding carbides. In principle, all DRX grains in the
second “layer” around the particle are twin-related to the PSN grains in the first layer.

One should also note that larger second phase particles may act to limit grain growth
by grain boundary pinning [39], but due to the very sparse distribution of primary carbides
in the present alloy this would only be effective much later, in the grain growth stage.
At that point, however, it can have a large impact on the spatial grain size distribution,
and if there are process related orientation of carbides (stringers) this may also affect the
mechanical anisotropy of the final component [20,21].

4.1.3. Effect of Deformation Conditions

The maximum in the flow stress, σp, is usually connected to the onset of DRX. Conse-
quently, the strain at which the peak occurs, εp, is considered to represent the critical strain
for DRX. Although the maximum in εp observed in Figure 4d would suggest that the critical
strain is largest for intermediate strain rates, interrupted hot compression test at strain
rates above the εp maximum in Alloy 718 were used to prove that the DRX fraction was
negligible even at strains around 2εp [37]. It was concluded that at the higher strain rates,
where adiabatic heating is pronounced, temperature induced softening sets in before DRX
takes place, and is responsible for the early occurrence of the peak stress. As was shown in
this study, the temperature increase from adiabatic heating is sustained throughout the test
at the highest strain rate, suggesting that also increased softening seen at 5 s−1 could be
related to temperature rather than DRX.

Seret et al. [50] developed a LLASS (local linear adaptation of smoothing splines)
which significantly improve the noise levels of a grains grain averaged kernel average
misorientation (GAKAM) (average KAM value for a grain), which gives an indication of
the amount of geometrically necessary dislocations (GND) present in a grain [37], making
it possible to separate the older, slightly more strained DRX grains from the newer less
strained pDRX grains.

Even in the case of a quench delay of only 2 s, the pDRX contribution to the total
measured DRX fraction was considerable at strain rates above 0.1 s−1 at 980 ◦C. In fact,
if the pDRX contribution was disregarded, the commonly observed “critical strain rate”
where a minimum in the DRX fraction have been observed [37] vanished and the trend was
monotonously decreasing DRX fraction with increasing strain rate, and it was therefore
argued that the occurrence of a critical strain rate is solely a result of pDRX. It is difficult to
directly compare the present results to those in [37], as the quench delay is considerably
shorter in the present case (around 0.5 s), the temperature is higher, and the behavior
of the second phase particles are likely different. In Alloy 718, the δ phase fraction was
observed to increase at low strain rates (<0.01 s−1) and decrease within increasing strain
rate to below the initial fraction at 0.1 s−1 and above, which would also likely significantly
affect the pDRX kinetics. Nevertheless, the results of [37] strongly suggests that the effect
of pDRX on the measured DRX volume fraction measured even after what is nominally
considered to be directly quenched microstructures is strong.

Considering the above discussion, the strain rate dependence of the DRX behavior
can be explained as follows: At low strain rates the longer time during which deformation
occurs (14 s at 0.05 s−1) is sufficient for the thermally activated DRX process to occur.
This leads to early onset of DRX, high DRX fractions and an average grain size in the
recrystallized fraction around 4 µm. When the strain rate is increased, the test duration is
shorter (1.4 s at 0.5 s−1) and less time is available for thermally activated processes. The
adiabatic heating was more pronounced, and the faster heating process led to a temperature
undershoot during the latter parts of the tests as the temperature control system attempted
to correct. Consequently, DRX was delayed, DRX fraction was reduced and the average
grain size was around 2–2.5 µm. At the highest strain rate, the time was of course even
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shorter (0.3–0.4 s at 5 s−1) but instead the adiabatic heating allows a rapid temperature
increase which cannot be compensated for by the control system within the test duration.
This allows mDRX to occur during the post-deformation quench delay to a greater extent
than at lower temperatures. Although the temperature rise due to adiabatic heating is
similar at both temperatures, the effect is more pronounced at 1080 ◦C compared to at
1060 ◦C as the absolute temperature is higher, Figure 3c, leading to faster kinetics of the
thermally activated processes. Thus, the DRX, and importantly the mDRX during the
quench delay is faster at 1080 ◦C, which explains the measured DRX fraction at 5 s−1 for
the samples tested at 1080 ◦C, while the fraction continuously decreased with strain rate at
1060 ◦C. The average DRX grain size increased to around 4 µm again at both temperatures
due to the temperature increase.

4.2. Post-Dynamic Recrystallization
4.2.1. pDRX Mechanisms

Post-dynamic recrystallization is a complex phenomenon, where several mechanisms
can occur simultaneously. It typically involves mDRX, characterized as growth of grains
nucleated during dDRX to consume remaining deformed grains. This differs from the
case of SRX in that there is no incubation time, yielding very rapid kinetics. SRX can,
however, occur simultaneously [37] with mDRX, although delayed by the nucleation
step. In addition, SRV of work hardened DRX grains can take place during pDRX. In
Ni-base superalloys, the pDRX kinetics will generally depend on strain, strain rate and
temperature [51]. Tang et al. [52] showed that the evolution of the pDRX fraction with
post-deformation holding time in a Ni-based superalloy deformed to a strain of 0.357 was
strongly temperature dependent in the range 950–1100 ◦C, but only weakly dependent on
the strain rate (0.01–1 s−1) at 1050 ◦C. Zouari et al. [53] used quasi-in situ EBSD (repeated
heating of deformed Inconel 718 specimens inside an SEM with intermittent EBSD mapping
of the same region) to show that a specimen with initial DRX fraction of 0.26 (strain of 0.55)
was fully recrystallized after around 60 s at 1020 ◦C, whereas full recrystallization was
achieved after less than 20 s in a specimen with initial DRX fraction of 0.65 (strain of 2.0).
Importantly, the in situ experiments in [53] suggested that consumption of deformed grains
by growing DRX grains during mDRX, rather than SRX, was the dominating mechanism
behind the pDRX microstructure evolution. Also, Nicolay et al. reported a strong strain
rate dependence of the pDRX kinetics of Inconel 718 samples deformed to a strain 0.7 at
980 ◦C, and concluded that for strain rates above 0.1 s−1 it is very unlikely that SRX plays
a role [37]. In the present case, the similarity between the microstructures observed at all
strain rates suggest that there are no major changes in the dominant pDRX mechanism,
which in turn indicate that mDRX is the most important process under all conditions
tested here.

4.2.2. Twinning and Texture Development

The texture weakening and randomization as a result of DRX is well known.
Wusatowska et al. [54] reported weakening of the {110} compression texture after DRX,
and it has been suggested and proven by simulations that multiple twinning during grain
growth can drastically randomize the texture even from a limited set of initial orienta-
tions [38]. The pole figures in Figure 14 clearly show that the texture of the DRX fraction is
significantly weaker compared to the deformed fraction. The {110} deformation texture
is nevertheless still visible, but disappears almost completely after pDRX at 1060 ◦C, and
completely at 1080 ◦C.

To further elucidate the origin of texture randomization in the present case, Figure 17
shows the fraction of twin boundaries after pDRX, measured in subsets with different grain
size. Assuming that the randomization is a result of twin formation during mDRX, one
would expect an increasing fraction of twin boundaries with increasing grain size and a
corresponding weakening of texture in the subsets. The increasing twin boundary fraction
with increasing grain size is directly confirmed in all cases, with (in general) fractions
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being slightly higher at 1080 ◦C. The twin boundary fractions in the DRX grains of the
Q samples were in the order of 0.1–0.2, but the measure is unreliable. Measuring twin
boundary fraction from high resolution images results in values in the higher end of the
range, but with limited statistics, whereas lower resolution maps provide better statistics
but will inevitably result in lower numbers as many boundaries in the smaller grains are not
resolved. In any case, it is clear that the twin boundary fraction rapidly increases with grain
size and becomes almost constant at a size of around 10–20 µm. Please note that the average
twin boundary fraction is in some cases lower than the fraction in the individual subsets,
Figure 17, which is explained by the fact that the software only considers boundaries
between grains within the subset when calculating the twin boundary fraction, thereby
ignoring boundaries separating grains within the subset from grains outside the subset.

Figure 17. Fraction of twin boundaries with increasing grain size for H samples, including {110} pole figures corresponding
to marked subsets (A–C for grain sizes 0–15, 15–30 and >30 µm respectively, for the sample deformed at 1060 ◦C, 0.05 s−1

and D–F for grain sizes 0–10, 10–25 and >25 µm respectively for the sample deformed at 1080 ◦C, 0.5 s−1). The gray lines
dash-dotted lines correspond to the average twin boundary fraction of the entire data set.

Looking at the pole figures from three subsets extracted from samples deformed at
1060 ◦C/0.05 s−1 and 1080 ◦C/0.5 s−1(A–C) and (D–F), respectively, in Figure 17, it can
be seen that the {110} texture remains in the 1060 ◦C samples until the saturation twin
boundary fraction have been reached, whereas texture is lost earlier in the 1080 ◦C sample.
These two samples were chosen as they provided the best statistics for the different subsets
used for pole figure calculations, but a direct comparison is difficult, as the saturation twin
boundary fraction for the 1060 ◦C sample was around 0.5, which is exceeded already in the
subset corresponding to E for the 1080 ◦C sample. Although more suitable microstructures
should be generated by dedicated hot compression/pDRX tests to investigate this in detail,
these results nevertheless suggest that the texture randomization is indeed a result of
twinning during growth of DRX grains (mDRX) during the post-deformation hold. As the
process is faster at 1080 ◦C, the randomization is more effective.
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The fraction of twin boundaries in a Ni-base superalloy deformed to a strain of
0.357 at a strain rate of 0.1 s−1 and a temperature of 1050 ◦C, was reported to initially
increase with holding time, but remained constant after 30 s [52]. An increased holding
temperature significantly increased the twin boundary fraction at constant time. The twin
boundary density in Inconel 718 increased during pDRX at 1020 ◦C until the structure
was fully recrystallized and then decreased [53]. However, the use of twin boundary
density (mm/mm2), rather than twin boundary fraction, means that as the average grain
size continuously increased after full recrystallization the total grain boundary density also
decreases. As both total grain boundary density and twin boundary density decreased
(but only the latter was reported) the evolution of their ratio (the twin boundary fraction)
is not clear. The difference can be seen in e.g., [55] and [7], where the two measures
in many cases show different, or even opposite, behavior. Zhang et al. [7] reported
continuously increasing twin boundary fraction with increasing temperature up to 1100 ◦C,
and a saturation at strain rates above 0.01 s−1 at 1160 ◦C. At higher strain rates (above
1 s−1, which was the maximum strain rate in [7]) the same group reported that the twin
boundary fraction reached a minimum at 1 s−1 and then increased again [56]. A direct
connection between DRX grain size and twin boundary fraction was reported by [55],
showing that the twin boundary fraction saturated when the DRX grain size reached
approximately 5 µm. In the studied system, this DRX grain size corresponded to a fully, or
almost fully, recrystallized structure. Notably, beyond this grain size the twin boundary
density decreased with increasing grain size, presumably due to the reduced density of
grain boundaries with grain growth.

In conclusion, these results show that care must be taken when comparing results
between studies, as many factors (including the metric used for reporting) may impact the
interpretation. However, we can conclude that an increased grain size typically leads to an
increased twin boundary fraction during the mDRX part of pDRX, followed by saturation
during subsequent grain growth. The twin boundary density typically decreases during the
grain growth stage due to a decrease in the total grain boundary density. This agrees with
the present observation that the texture randomization occurs through twin formation in
the smaller mDRX grains. As the grain size during mDRX reach about 10–15 µm no further
twins are generated (the twin boundary fraction remains constant) and the orientations of
these larger mDRX grains is approximately random. It can then be speculated that as the
larger (randomly textured) grains should grow at the expense of the smaller ones (with
traces of the deformation texture remaining), the final texture should further randomize at
longer times or subsequent annealing/heat treatments, even in the case where the pDRX
structure contains deformation texture components. We do not observe any clear trend in
the total twin boundary fraction development with strain rate, but the measured fractions
were indeed higher at 1080 ◦C than at 1060 ◦C. At 1080 ◦C we do observe a minimum in
the twin boundary fraction at the intermediate strain rate, similar to [56]. However, the
situation is complicated by the previous discussion regarding adiabatic heating, as there
might be an effect of the increased temperatures during the initial stage of pDRX for the
1080 ◦C samples deformed at 5 s−1.

4.3. Comment on Grain Boundary Carbides

In the present investigation the microstructure observed after hot deformation in
the sub-solvus temperature range could be well understood by effectively considering
the material as single-phase, and explicit effects of grain boundary carbides were not
considered in detail. Nevertheless, there are several different mechanisms through which
the carbides could exert an influence on the DRX process. It is, for example, possible that
carbides could stimulate DRX nucleation at the grain boundaries by locally modifying the
dislocation structure, or pin newly formed grain boundaries in the very early phases of
DRX. A major impact on grain growth during mDRX is not expected, as the original grains
are very large and the DRX volume fraction is high in all cases, which presumable leaves
the prior grain boundaries in positions far from the DRX fronts in the old grains. Another
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possibility is that the combination of severe deformation and adiabatic heating could allow
dissolution of the carbides, at least at the higher strain rates. Further dedicated tests aimed
at separating thermal contributions from effects of grain boundary carbides, e.g., through
development of test protocols allowing material with carbide-free grain boundaries to be
tested at sub-solvus temperatures, would allow a deeper insight into this matter.

5. Conclusions

Samples of the Ni-base superalloy Haynes 282 were subjected to hot compression tests
at two different temperatures (1060 ◦C and 1080 ◦C) below the grain boundary carbide
solvus at three different strain rates (0.05 s−1, 0.5 s−1 and 5 s−1), with and without a 90
post-deformation hold at the target temperature. The microstructure was characterized
both after deformation and after hold. The following could be concluded:

• For the lower strain rates, 0.05 and 0.5 s−1 the governing factor affecting the resulting
microstructure during deformation was strain rate. At 5 s−1, the DRX fraction was
strongly dependent on temperature, which was attributed to adiabatic heating effects.

• We found that the entire temperature history during deformation has to be considered,
not just the temperature increase due to adiabatic heating. In the present case, the
control system’s response to the rapid temperature increase led to an undershoot in
temperature for the second half of the test duration at intermediate strain rates, which
affected the material response.

• After 90 s post-deformation hold at the deformation temperature, the effect of strain
rate on the microstructure observed directly after deformation was erased due to
pDRX, and the grain size was controlled by the temperature.

• During DRX, three mechanisms were observed, dDRX along grain boundaries be-
tween deformed grains, cDRX close to grain boundaries and PSN with large, primary
MC carbides acting as nucleation sites.

• During the subsequent hold, grain growth and twinning occurred which led to an
increase in the twin boundary fraction and a loss of the {110} fiber texture developed
during deformation and retained during DRX. This was more prominent with the
samples deformed at 1080 ◦C suggesting this to be a temperature dependent process.
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