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Growth of AlInN alloys by molecular-beam epitaxy is studied by reflection high-energy electron
diffraction, where in-plane lattice constant and specular beam intensity oscillations are recorded for
information of lattice misfit and growth rate as a function of source flux and temperature. An
unexpected dependence of alloy growth rate on indium flux is observed, which reflects the specific
incorporation kinetics of indium in the alloy. © 2010 American Institute of Physics.
�doi:10.1063/1.3456009�

I. INTRODUCTION

The alloy of Al1−xInxN �0�x�1� has attracted consid-
erable attention in the past decade due to its promise in op-
toelectronic and photovoltaic applications.1–9 Alloys of dif-
ferent compositions may be epitaxially grown on GaN, a
close cousin of AlInN that has matured into wide commercial
availability. The lattice misfit strain between GaN and
Al1−xInxN can be tensile or compressive, depending on the
composition x of the alloy. One may thus fabricate strain-
compensated heterostructures on GaN by stacking layers of
Al1−xInxN with different compositions. Moreover, as the al-
loy of Al0.82In0.18N has the same lattice constant as GaN, one
can grow multilayers of Al0.82In0.18N /GaN without introduc-
ing strain-relieving defects. Such multilayered structures can
be used as the Bragg mirrors in vertical-cavity surface emit-
ting lasers, for example.2,3

Although there have been a number of reports on the
growth of Al1−xInxN using techniques such as molecular-
beam epitaxy �MBE� �Refs. 6–9� and metal-organic vapor
phase epitaxy,2–5 it remains problematic to obtain high qual-
ity alloy films with arbitrary compositions. Alloys with inter-
mediate compositions tend to phase-separate, leading to het-
erogeneous films rather than homogeneous alloy layers.10–13

To overcome such a problem, one may resort to techniques
that operate at far-from-equilibrium, such as MBE, so phase-
separation may be suppressed by kinetics. However, even for
MBE growth of the alloy, complications remain, one of
which is the complex incorporation kinetics of the constitu-
ent atoms at the surface.9

In a previous experiment, we used reflection high-energy
electron diffraction �RHEED� to follow the epitaxial growth
mode and incorporation behavior of the cation atoms �Al and
In� at a low temperature.9 Here, we extend the previous study
to a wider range of temperature and flux. The RHEED tech-
nique is again used for evaluation of alloy growth mode,
deposition rate and strain of the epitaxial films. Ex situ sec-
ondary ion mass spectrometry �SIMS� and transmission elec-
tron microscopy �TEM� are also conducted for some
samples, supplementing the RHEED studies in situ. It is ob-
served that incorporation of indium atoms shows a complex

temperature and flux dependence, which is incomplete de-
spite the relatively low temperatures adopted for the alloy
deposition.

II. EXPERIMENT

The MBE system was equipped with conventional effu-
sion cells of Ga, Al, and In sources and a radio-frequency
plasma unit for nitrogen �N�. The RHEED was operated at
10 KeV and the diffraction pattern and its specular beam
intensity oscillations were recorded using a charge-coupled
device camera interfaced to a computer. The substrates were
GaN-on-SiC�0001� from TDI Inc., on which GaN buffer
films were first grown under the Ga-stable condition.14 The
resulted Ga-polar GaN buffer-films were then treated by
N-plasma at 600 °C till the �2�2� reconstruction appeared,
after which, deposition of Al1−xInxN were carried out at tem-
peratures between 350 and 600 °C. For alloy depositions, a
fixed flux of nitrogen at FN�1.1�1014 atoms /cm2 s �corre-
sponding to a growth rate of �0.05 bilayers /second �BLs/s�,
where 1 BL=c /2, with c being the lattice constant along
�0001�, the growth direction of III-Nitrides� and of Al at
FAl�1.1�1013 atoms /cm2 s �corresponding to a growth
rate of �0.005 BLs /s� were used, while the flux of In was
varied from 1.65�1011 to 5.5�1013 atoms /cm2 s �the cor-
responding In-to-Al flux ratio changed from 0.15 to 5.0�. All
the source fluxes were calibrated by the RHEED intensity
oscillations during AlN, GaN, and InN growth and by thick-
ness measurements of the grown films.9,14 Sample heating
were achieved by flowing direct currents through the long
sides of the rectangular sample pieces �size: 11�4 mm2�
and the temperatures were measured by a Raytek infrared
pyrometer. The lowest temperature experimented here was
achieved by switching off the heating current and its value
was beyond the measurable range of the pyrometer. How-
ever, due to the heat radiation from the high-temperature
source cells, the surface temperature of the sample could still
be high. From a linear extrapolation of the temperature ver-
sus heating-power dependence, we estimated it to be close to
350 °C. For some of the thick films grown, SIMS and TEM
experiments were carried out using a time-of-flight second-
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ary ion mass spectrometer ToF-SIMS V �ION-TOF GmbH�
and a Joel TEM2010F microscope, respectively. For the
former, oxygen sputtering ion was used, while for cross-
sectional TEM sample preparation, the standard procedure of
mechanical polishing followed by Ar-ion milling was fol-
lowed.

III. RESULTS AND DISCUSSIONS

A. Lattice misfit and the RHEED intensity oscillations

To grow Al1−xInxN alloys with different compositions,
we varied the flux of In while maintaining the fluxes of Al
and N constant as mentioned earlier. The total flux of metals,
i.e., FIn+FAl, was kept below that of nitrogen �FN�, so the
growth was under the excess-N regime. In this growth re-
gime, film growth rate was dependent on the flux of metals
but independent on FN, as confirmed by our RHEED oscil-
lation experiments.

Figure 1�a� shows an example of the RHEED specular
beam intensity oscillations, where the inset shows the corre-

sponding diffraction pattern along �112̄0�. Figure 1�b� pre-
sents, on the other hand, an evolution of the measured recip-
rocal lattice parameter D�1 /a, where a is the in-plane
lattice constant �refer to Fig. 1�a� inset�.

Both the streaky RHEED pattern and the persistent in-
tensity oscillations �Fig. 1�a�� suggest a two-dimensional
�2D� layer-by-layer growth mode of the alloy on GaN. How-
ever, transition of the streaky pattern into a spotty one was
occasionally observed following prolonged deposition. Such
transitions were gradual, which pointed to a kinetic roughen-
ing process rather than a growth mode change. It was also
observed from the RHEED patterns that the grown alloys
were usually tilted with respect to the substrate surface �see
Fig. 1�a� inset� and the largest angle of tilting was recorded
to be �6°.

From Fig. 1, one also observes complications in the os-
cillation frequency and the lattice parameter evolution. Spe-
cifically, three deposition stages may be identified, where in
the very early stage I, the RHEED intensity undergoes a
rapid oscillation for a couple of periods, followed by a tran-
sient stage II before stabilizing in the final oscillation stage
III. Correspondingly in Fig. 1�b�, one observes a change in
lattice constant: upon the commencement of deposition, D
starts to deviate from that of GaN �DGaN�, implying an ini-
tiation of AlInN alloy growth. It reaches an extreme value in
stage II and then recovers and stabilizes in stage III at values
dependent on source flux and temperature. Such a transient
growth behavior suggests a change in the structure and/or
composition of the surface due to some specific kinetic pro-
cesses in the early stage of deposition.

It has been known for long that persistent RHEED inten-
sity oscillations reflect the 2D growth of a film, and the pe-
riod of the oscillation corresponds to the time of one atomic
monolayer �ML� or BL growth of the epifilm.15 The RHEED
oscillations thus provide a direct and convenient measure of
epitaxial growth rate.14,15 In stage I and II of AlInN growth,
however, we found no obvious correlation between the oscil-
lation frequency and source flux. For example, in stage I, a
roughly constant rate of �0.03 s−1 was measured, while in
stage II, the oscillation frequency was not constant. There-
fore, it is not certain if these oscillations reflect the epitaxial
growth rates. Additionally, we noted a structural and mor-
phological change in the surface upon the commencement of
alloy deposition, where the initial rougher and �2�2� struc-
tured substrate surface changed to one showing a smoother
morphology but the �1�1� structure. Such a change would
have contributed partly to the intensity variations in the
RHEED.

For the stable oscillation stage III, a flux dependence of
the oscillation frequency was indeed observed. Figure 2 sum-
maries such dependences at different growth temperatures. In
the figure, instead of plotting the oscillation frequency
RAlInN, the rate due to incorporation of In, RInN, measured
with respect to the flux of Al, are plotted as a function of In

FIG. 1. �a� The RHEED intensity oscillations during AlInN deposition at
430 °C, using an In-to-Al flux ratio of �3.3. Note the different growth
stages �I–III� as separated by the dashed lines. The inset shows the RHEED

pattern taken from the alloy surface along �112̄0�, and the marked “D”

measures the spacing between the �01� and �01̄� diffraction streaks. �b�
Evolution of D during alloy deposition, and the horizontal dotted line marks
the measured value of D from GaN substrate.

FIG. 2. �Color online� Normalized In incorporation rate �open symbols�, as
measured by the RHEED intensity oscillations in the stable growth stage, as
a function of �normalized� In flux. Different symbols refer to different
growth temperatures. The scaled count ratio between In and Al obtained by
SIMS measurements are shown by solid symbols for comparison. The dark
solid line has a slope of 0.77, and the two vertical arrows mark the critical
flux Fc at which the rates become saturated for deposition at T=390 and
430 °C.
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flux. The latter has also been normalized by FAl. Due to the
fact that Al incorporation is complete, or RAlN=FAl, as estab-
lished previously in Ref. 9 and confirmed during the course
of this investigation, we deduce that the incorporation rate of
In is RInN /FAl= �RAlInN−RAlN� /FAl= �RAlInN−FAl� /FAl. Obvi-
ously, this quantity �RInN /FAl=RInN /RAlN� also reflects the
ratio between In and Al contents in the alloy, x / �1−x�.
Therefore, for comparison, the measured count ratio �In�/�Al�
by SIMS are also presented in the figure. Note, however, that
the SIMS data have been scaled by a relative sensitivity fac-
tor �RSF� of 0.3, which is chosen simply to make the data
being consistent with the RHEED results �refer to Fig. 5
below�. As is shown, for growth at low In fluxes, an approxi-
mately linear dependence of RInN on FIn is observed. At in-
termediate fluxes, however, deviation from the linear depen-
dence is apparent. Changing the flux no longer changes the
rate RInN. Instead, the rate seems to saturate at a value de-
pendent on temperature only. The higher the temperature, the
lower the saturated rate. At even higher fluxes, a reentrant
but weak dependence between RInN and FIn becomes discern-
able. Such a behavior suggest a complex incorporation kinet-
ics of In during AlInN growth by MBE.

B. Indium incorporation kinetics

In the following, we consider the incorporation behavior
of indium in more detail. As mentioned earlier, in the
excess-N growth regime of MBE, alloy growth rate is inde-
pendent on FN, but depends on the fluxes of Al and In. So we
may write

RAlInN = RInN + RAlN = �InFIn + �AlFAl, �1�

where �In and �Al are the incorporation coefficients of In and
Al, respectively. Experiments have shown that Al incorpora-
tion is complete,9 i.e., �Al=1, so the above expression can be
rearranged into

RAlInN − FAl

FAl
=

RInN

FAl
= �In

FIn

FAl
, �2�

a quantity that is plotted in Fig. 2. A linear dependence be-
tween RInN /FAl and FIn /FAl is thus expected if �In is a con-
stant. This is indeed the case in the low flux region of Fig. 2,
and a least-square fitting of the data gives rise to a value of
�In�0.77 �solid line in figure�, agreeing with the result of
Ref. 9. Moreover, from Fig. 2, one notes the slope of the
linear dependence or �In does not seem to be sensitive to
temperature.

First, the result of �In�1 suggests an incomplete incor-
poration of indium from the flux, which is unexpected at the
low temperature of this experiment. Indeed, surface desorp-
tion of atoms from the surface cannot be significant at such
temperatures. If not desorbed, the unincorporated In atoms
would remain on surface. To show this, we performed an
Auger electron spectroscopy �AES� measurement of a
sample immediately after the growth experiment. The spec-
trum �not shown� did reveal In signals. Furthermore, the
SIMS measurement of a film showed a high concentration In
�and Ga� near the surface region �Fig. 3�. In fact, metallic
droplets were often observed on surface following some

thick film depositions. Therefore, we affirm that incomplete
In incorporation has led to an accumulation of excess metal
on surface, possibly in the form of droplets. In some previ-
ous studies of GaN growth by MBE, Ga adlayers were seen
to wet the surface when an excess Ga flux �i.e., FGa /FN�1�
was used.16–18 Although we cannot rule out the possibility of
a similar wetting layer on the surface of AlInN, where the
condition of FAl+In /FN�1 was used instead, the presence of
such a wetting layer would appear less reconcilable with the
fact that the growth rate depends on the flux of metals but is
independence on N flux. As such, in our later analysis in
section III�D�, we shall assume the unincorporated In are
simply trapped in droplets, which are growth inactive.

When the source flux is above a critical value, the
RHEED intensity oscillations show a saturated frequency,
implying a constant rate of indium incorporation, irrespec-
tive of the supply of atoms from the flux. In such a growth
regime, however, increasing the temperature reduces the
saturated rate of incorporation.

Evidence of reduced In incorporation �and unchanged Al
incorporation� with temperature is also found from the SIMS
measurement of a sample as shown in Fig. 4. The sample
consists of three layers of AlInN sandwiched between GaN
spacing layers as depicted in the inset of Fig. 4�a�. A cross-
sectional TEM micrograph of the sample is shown in Fig.
4�b�. The three alloy layers were grown under the same flux
condition �i.e., FAl�2.3�1013 atoms /cm2 s and FIn�7.6
�1013 atoms /cm2 s, which differ from those adopted in the
RHEED experiment for a higher growth rate�, while the
growth temperatures were at 600, 500, and 420 °C for the
bottom, middle, and top �close to surface� alloy layers, re-
spectively. The descending order of the temperature variation
was to minimize a possible decomposition or interlayer dif-
fusion of atoms in the bottom layers during top layer growth.
Prior to SIMS experiment, the sample was etched by HCl in
order to remove excess metal from the surface. The SIMS
depth profiles of In, Al, and Ga clearly shows a reduction in
In content in the alloy with increasing temperature, while
that of Al remains approximately constant.

Figure 5 summarizes, in an Arrhenius plot, the tempera-
ture dependence of In incorporation rates induced by the
RHEED measurements as well as the measured count ratio

FIG. 3. �Color online� SIMS depth profile of In, Al, and Ga contents in an
alloy �growth condition: T=420 °C, FIn /FAl�1.2�.
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of �In�/�Al� by the SIMS. For the latter, scaling of the raw
data by a RSF �0.3 was shown to make them consistent
with the RHEED results. Least-square fitting �solid line�
gives rise to an energy of 0.45�0.05 eV, which is well
below the energy of desorption of atoms from surface �
�1.9 eV�.19

Finally, as the flux of In is increased further, the RHEED
measurements show a reentrant dependence of the growth
rate on In flux, though it is much weaker than that in the low
flux region. Alloys with high In contents can thus be fabri-
cated using high In-to-Al flux ratios. As an example, Fig.

6�a� shows the SIMS measurement of a sample grown at a
constant temperature of �350 °C but varying In and Al
fluxes for different alloy layers. To ensure a similar growth
rate for the different layers, the total flux of metals, FAl

+FIn, was made approximately constant. The schematic dia-
gram of the sample is shown in the inset while a cross-
sectional TEM micrograph of the sample is shown in Fig.
6�b�.

It is noted in passing from the TEM micrograph that the
contrast of the GaN spacing layer appears lighter for the top,
closer to surface layer than that of the bottom one. This
indicates an increasing amount of In being incorporated in
GaN as the growth proceeded. It suggests again the presence
of excess In on the growing front, some of which are inevi-
tably incorporated during GaN layer deposition.

C. Lattice constant and strain

In addition to the RHEED oscillations, diffraction pat-
terns from the grown alloys were also recorded as exempli-
fied in the inset of Fig. 1�a�. Particularly, the spacing D be-

tween the �01� and �01̄� diffraction streaks was measured as
a function of deposition time �film thickness�, which has
been shown in Fig. 1�b�. By comparing to DGaN, the spacing
measured from GaN substrate, in-plane lattice constants of
the grown alloys are derived.

Consistent with the RHEED oscillation data, the initial
stage deposition shows a transient behavior in the measured
D. Specifically, from Fig. 1�b�, one observes that the initial
deposit shows alloys with changing In content �thus a chang-
ing lattice constant and D�. In the stable growth stage III, on

FIG. 4. �Color online� �a� SIMS depth profile of In, Al, and Ga contents in
a layered sample grown at one and the same flux condition �FIn /FAl�3.3�
but varying temperatures. The inset shows a schematic drawing of the
sample structure and �b� shows a cross-sectional TEM micrograph of the
sample. For the depth profiling, no correction of the sputtering rates in
different layers has been taken into account.

FIG. 5. Arrhenius plot of the saturated growth rates in the intermediate flux
range of the deposition. Data from the SIMS �Fig. 4� are also included for
comparison. The line represents an Arrhenius fitting of the data, giving rise
to an energy of 0.45�0.05 eV.

FIG. 6. �Color online� �a� SIMS depth profile of In, Al, and Ga contents in
a layered sample grown at the constant temperature of T�350 °C but
changing In and Al fluxes. The corresponding flux ratios are 0.15, 0.51,
1.12, and 3.33 for AlInN layers 1, 2, 3, and 4, respectively. The inset shows
a schematic drawing and �b� presents a cross-sectional TEM micrograph of
the sample.
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the other hand, an alloy with a constant lattice parameter and
thus a constant composition is produced. Figures 7�a� and
7�b� plot the lattice misfit, f , derived from the measured D
after 5–10 periods of the RHEED oscillations in the stable
growth stage III. The f is calculated from D according to

f = �aAlInN
� − aGaN

� �/aGaN
� = �DGaN − D�/D , �3�

where aAlInN
� and aGaN

� =aGaN are in-plane lattice constants of
the grown alloy and GaN substrate, respectively, and aGaN

refers to the lattice constant of a strain-free GaN. Figure 7�a�
is for growth at 390 °C and Fig. 7�b� is for growth
at 430 °C. Since the measured D’s were for ultrathin
epilayers, the data in Figs. 7�a� and 7�b� may not reflect
theoretical lattice misfits of the grown alloys due to residual
strains in the epilayer. The “theoretical” misfit f0= �aAlInN

−aGaN� /aGaN, where aAlInN is the lattice constant of a strain-
free alloy, may be estimated from the growth rates using Eq.
�2�, corresponding to x / �1−x�, and using the Vegard’s law to
calculate the lattice constant of the alloy with composition x:
aAlInN= �1−x�aAlN+xaInN. Such results are also plotted in
Fig. 7. Further, if we take the incorporation coefficients for
In and Al constant at �In=0.77 and �Al=1 throughout the
whole flux range, the grown alloys would have compositions
given by x=�InFIn / ��InFIn+FAl�, from which a new set of
data of f may be derived, as shown in the figure by the open
circles.

As is seen, a general agreement is achieved between data
from the lattice spacing D measurement �solid squares� and

from those of the RHEED oscillations �crosses�, especially
for high In fluxes. Both sets of data differ by a large margin
from those estimated from the flux. This is not surprising, as
In incorporation coefficient is not constant as already dis-
cussed early in Sec. III B. On the other hand, constant �In

=0.77 and �Al=1 are indeed valid for low fluxes and the
calculated misfits based on flux and growth rate expectedly
agree with each other, as is shown in Fig. 7. However, in
such a low flux region, lattice misfits derived from the D
measurements deviate from the above two, particularly in
Fig. 7�a�. Although we are uncertain about the source of such
deviations, one possibility is related to the residual strain in
the thin epilayer. For alloys grown at low In fluxes, the con-
tent of indium is low and so, for the given thin epilayer, the
misfit strain may not be fully relaxed. The in-plane lattice
constant of the alloy takes a value closer to that of GaN
substrate, leading to smaller f than that of a strain-free alloy
�f0�. At high In fluxes, on the other hand, the resulted alloys
have high In contents and even for the thin epilayer, the
lattice misfit strain may have completely relaxed20 and the
agreement between f and f0 is better. Another possibility is
that the lattice constant measurement by the RHEED is for
surface layer only, which may not have the same composi-
tion as in the bulk. An additional source of error can be
related to the validity of the Vegard’s law in calculating the
lattice constant �and misfit� from x. As a result, a perfect
agreement between the various data cannot be expected.

D. Discussion

In the following, we provide a further discussion on the
incorporation kinetics of indium during AlInN growth by
MBE. There are two separate issues: �1� the transient growth
in the initial stage of deposition and �2� the complex depen-
dence of indium incorporation rate on flux and temperature.

As suggested from the result of Fig. 2, at least a propor-
tion of 23% of In from the flux does not contribute to the
alloy growth. Neglecting the effect of desorption, such unin-
corporated In would accumulate on surface as confirmed by
SIMS �Fig. 3� and AES measurements. An immediate conse-
quence of this will be a surface with an excess In stoichiom-
etry over that dictated by flux. Indeed, after only a few layers
of film deposition, the surface would have contained so
much excess indium that the growth would become in a
metal-stable regime instead of excess-N. It is then quite puz-
zling why the growth rate remains being dependent on the
flux of metals but independent on N flux. We attribute this to
the possibility that the excess In on surface are not “growth-
active” but are trapped in a reservoir of In-droplets on sur-
face. These droplets grow in volume by atom aggregation,
consuming some of the surface atoms and leaving a de-
creased amount to be incorporated in alloy films.

Ignoring desorption of atoms from surface, the change in
In surface coverage �	s� of the “growth-active” indium is:5

d	s

dt
= F − kI	s − kT	s, �4�

where F is the flux, kI and kT are the rate-constants of atom
incorporation in film and surface-trapping in droplets, re-

FIG. 7. Lattice misfit f between AlInN and GaN derived from �i� lattice
constant measurement by the RHEED, �ii� growth rate measurement by the
RHEED intensity oscillations, and �iii� calculated from the flux, assuming
constant incorporation coefficients, �In=0.77 and �Al=1. �a� is for growth at
390 °C and �b� at 430 °C.
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spectively. Here, only the first-order kinetics is considered
for simplicity. Obviously, the term kI	s gives rise to the in-
corporation rate RInN introduced earlier in Eq. �1�, i.e.,

RInN = kI	s = �InFIn. �5�

Integrating Eq. �4�, one gets

	s�t� = 	 F

kI + kT

�1 − e−�kI+kT�t� . �6�

If the rate constants kI and kT are not large, it will take a few
layers of deposition before 	s. can reach the steady state
value of F /kI+kT. It is thus possible that the delayed realiza-
tion of steady state surface coverage is partly responsible for
the observed transient growth dynamics as seen by the
RHEED. After the steady state is reached with the constant
surface coverage 	s=F /kI+kT, the steady state growth rate
�region III� will be RInN=kI	s=kIF /kI+kT according to Eq.
�5�. A linear dependence between RInN and F is thus expected
and the proportional constant is �In=kI /kI+kT. This is obvi-
ously less than unity if kT is not negligible comparing to kI.
The experimentally derived value of �In�0.77 in the low
flux region of Fig. 2 implies kT /kI�0.30. Given the tempera-
ture dependence of kI�exp�EI /kBT� as shown in Fig. 5 �kB is
the Boltzmann constant� and assuming a similar
T-dependence of kT, the ratio of kT /kI�0.30 translates into
an energy difference between kT and kI of about 
E
�0.07 eV. Such a small value of 
E may then explain the
insensitiveness of �In to temperature as shown in Fig. 2.

When the source flux is increased to above a critical
value of Fc�kI+kT, the steady state surface coverage will
reach a full layer �	s=1 ML�, after which the growth rate
becomes saturated at kI	s=kI, which would be independent
on flux but dependent on temperature only. Although the
atomic details of In atom incorporation is still unclear, from
the results of Fig. 5 and the derived energy of 0.45 eV, it is
likely dictated by diffusion or step-pyrolysis.21,22 In this flux
regime, increasing the flux will only contribute more to drop-
let formation and growth. Since kI �and kT� decreases with
temperature �Figs. 2 and 5�, so will be the critical flux Fc.
For example, at T=390 °C, the saturated incorporation rate
of In is seen to be kI�0.76FAl and so kT�0.3kI�0.23FAl.
Then Fc=kI+kT�0.99FAl. At T=430 °C, on the other hand,
the data of Fig. 2 shows kI�0.43FAl, and so kT�0.13FAl.
Thus Fc�0.56FAl. These estimations of Fc are in agreement
with the experiments �refer to the arrows in Fig. 2�.

At even higher fluxes, some other effects that have so far
been neglected may become non-negligible, causing the ob-
served reentrant increase in growth rate with flux. One of
such effects is the dependence of kI on composition x. For
example, at low fluxes, the alloys contain low indium con-
tents �x� in the matrix of AlN. The local strain as caused by
the size difference between In and Al atoms may favorably
displace the incorporated In back to the surface. On the other
hand, for growth at high In fluxes, the resulted alloys have

higher In concentration, and the local strain profiles may no
longer favor In expulsion. A consequence will be an in-
creased atom incorporation.

IV. SUMMARY

The RHEED intensity oscillations and lattice constant
evolution during AlInN alloy growth by MBE are analyzed.
A transient growth dynamics and a complex flux and tem-
perature dependence of indium atom incorporation are noted,
which is attributed to a surface trapping process of In atoms.

To achieve Al1−xInxN alloys with high In contents, one
may either tune In-to-Al flux ratio or using low deposition
temperature. Because of the different dependences of growth
rate and alloy content on flux and temperature in different
growth regimes, a detailed calibration is necessary in order to
achieve a better control of film thickness and alloy compo-
sition.
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