
 

Elucidating Environment-Assisted 

Cracking of Engineered Duplex 

Stainless Steel Weld 

Microstructures 

______________________________________________________________________ 

A thesis submitted to the University of Manchester for the degree of Doctor of 

Philosophy in the Faculty of Science and Engineering 

 

 

2019 

 

 

Pierfranco Reccagni 

School of Materials 



 
 

2  

LIST OF CONTENTS 

Table of Contents ..................................................................................................................... 2 

List of Figures ........................................................................................................................... 6 

List of Tables .......................................................................................................................... 12 

Abbreviations and Symbols .................................................................................................... 13 

Abstract .................................................................................................................................. 15 

Declaration ............................................................................................................................. 16 

Copyright Statement .............................................................................................................. 17 

Introduction ........................................................................................................................... 19 

1.1 Aims and objectives ............................................................................................... 21 

1.2 Structure of the thesis ........................................................................................... 21 

2 Literature Review ......................................................................................................... 24 

2.1 Stainless Steels ....................................................................................................... 24 

2.1.1 Ferritic Stainless Steels ................................................................................. 25 

2.1.2 Austenitic Stainless Steel ............................................................................. 26 

2.1.3 Duplex Stainless Steel................................................................................... 26 

2.2 Corrosion and environment-assisted cracking ...................................................... 33 

2.2.1 Principles of corrosion and basic mechanisms ........................................... 33 

2.2.2 Environment Assisted Cracking ...................................................................... 44 

2.3 Welding and thermo-mechanical simulation ........................................................ 59 

2.3.1 Tungsten Inert Gas Welding ........................................................................ 59 



 
 

3  

3 Experimental techniques ............................................................................................... 67 

3.1.1 Characterization techniques .......................................................................... 67 

4 Experimental Results ..................................................................................................... 72 

4.1 Production and characterization of a Reference Weld .......................................... 72 

4.1.1 Microstructure Characterization .................................................................... 75 

4.2 Manuscript 1 – “Effect of Large Heat Inputs on the Austenite Morphology  in 

Gleeble Simulated Heat Affected Zones” .......................................................................... 90 

4.2.1 Abstract .......................................................................................................... 91 

4.2.2 Introduction ................................................................................................... 92 

4.2.3 Methodology .................................................................................................. 93 

4.2.4 Results ............................................................................................................ 97 

4.2.5 Discussion ..................................................................................................... 102 

4.2.6 Conclusions .................................................................................................. 103 

4.2.7 References ................................................................................................... 105 

4.3 Manuscript 2 – “Reduction of Austenite-Ferrite Galvanic Activity in the Heat-

Affected Zone of a Gleeble-simulated grade 2205 Duplex Stainless Steel (DSS) Weld” . 108 

4.3.1 Abstract ........................................................................................................ 109 

4.3.2 Introduction ................................................................................................. 110 

4.3.3 Methodology ................................................................................................ 111 

4.3.4 Results .......................................................................................................... 113 

4.3.5 Conclusions .................................................................................................. 122 

4.3.6 References ................................................................................................... 124 



 
 

4  

4.4 Manuscript 3 – “Hydrogen Enhanced Cracking Behaviour of Different Austenite 

Morphologies in the Heat Affected Zone of a Multi-Pass DSS2205 TIG Weld” ............... 127 

4.4.1 Abstract ........................................................................................................ 128 

4.4.2 Introduction ................................................................................................. 129 

4.4.3 Methodology ................................................................................................ 130 

4.4.4 Results .......................................................................................................... 132 

4.4.5 Discussion ..................................................................................................... 144 

4.4.6 Conclusions .................................................................................................. 148 

4.4.7 References ................................................................................................... 150 

4.5 Manuscript 4 - Effect of Strain and Austenite Morphology on the Anodic 

Dissolution Behaviour of Ferrite Under Salt-Laden Deposits .......................................... 153 

4.5.1 Abstract ........................................................................................................ 154 

4.5.2 Introduction ................................................................................................. 155 

4.5.3 Methodology ................................................................................................ 155 

4.5.4 Results .......................................................................................................... 157 

4.5.5 Discussion ..................................................................................................... 163 

4.5.6 Conclusions .................................................................................................. 165 

4.5.7 References ................................................................................................... 166 

5 Summary and conclusions ........................................................................................... 169 

6 Future works ................................................................................................................ 173 

7 Bibliography ................................................................................................................. 175 

8 Appendix ...................................................................................................................... 192 



 
 

5  

8.1 Conference Paper -Assessment of Microstructure Susceptibility to Hydrogen 

Embrittlement of TIG Welded Grade 2205 Duplex Stainless Steel (Eurocorr 2016) ....... 192 

8.2 Introduction ......................................................................................................... 194 

8.3 Experimental ........................................................................................................ 195 

8.4 Results .................................................................................................................. 196 

8.5 Discussion ............................................................................................................. 198 

8.6 Conclusions .......................................................................................................... 199 

 

Words count 38114



 
 

6  

 

LIST OF FIGURES 

Figure 1 - Schaeffler diagram for phase fraction estimation ................................................. 26 

Figure 2 - CCT curves for 1, 3, 5 and 10% σ-phase fraction in DSS2205 steel [32] ................ 30 

Figure 3 - WRC (Welding Research Council) diagram for phase prediction in duplex stainless 

steel welding[11].................................................................................................................... 33 

Figure 4 - Sketch of a two electrode electrochemical cell. .................................................... 35 

Figure 5 - Evans diagram (Potential vs. current density) for a passive material. ................... 37 

Figure 6 - Environment change within a pit. .......................................................................... 40 

Figure 7 - Crevice geometry and local environment .............................................................. 41 

Figure 8 - formation of net anodes and cathods in a galvanic couple. .................................. 41 

Figure 9 - Sketched of the chromium distribution caused sensitization at the grain 

boundaries. ............................................................................................................................ 43 

Figure 10 - Schematic representation of the film-rupture mechanism[54] .......................... 45 

Figure 11 - Schematic diagram for the Film-Induced Cleavage mechanism [53]. ................. 47 

Figure 12 - Stress corrosion crack propagation velocity versus stress intensity factor. ........ 48 

Figure 13 - Schematic diagram illustrating the HELP mechanism[60]. .................................. 50 

Figure 14 - Ductile crack growth by egress of dislocation nucleated from near-crack-tip 

sources and no emission of dislocations from the crack tip [62]. ......................................... 51 

Figure 15 - Schematic illustration of AIDE mechanism, involving crack growth by alternate 

slip (intergranular path in this example)[62]. ........................................................................ 52 

Figure 16 - 2D sketch of the effective diffusion path (Leff) of hydrogen in the rolling (black) 

and the transversal (red) directions. The tortuosity factor keeps in account the effect of 

austenite – darker in the image - with respect to a purely ferritic alloy (dotted paths). ...... 55 

file:///C:/Users/Pier-W10/Desktop/Thesis%20corrections/05_08.doc%23_Toc15891529


 
 

7  

Figure 17 - AFM topography map of a duplex stainless steel sample after hydrogen cathodic 

charging. Adapted from ref [82]. ........................................................................................... 58 

Figure 18 - Sketch of a TIG welding set-up. Welding torch (A) and Filler rod (B). ................. 60 

Figure 19 - Nomogram for the conversion of the Cooling rate in a heat input for a single 

pass weld on a large plate of known thickness. Adapted from [99]. ..................................... 62 

Figure 20 - Effect of IGA and WA on the crack deviation. SCC test in 100C CaCl2, cross 

section (image from[43]l ). .................................................................................................... 63 

Figure 21 - Polarization curves in 3.5%NaCl at 30C for different simulated heat affected 

zones, distinguished by the 800-500C cooling time [101]. .................................................... 64 

Figure 22- Resistance to deformation and deformability change with temperature............ 65 

Figure 23 - Sketch showing the Kikuchi pattern formed by beam diffraction [113]. ............ 69 

Figure 24 - Sketch of the microcell used for electrochemical measurements [117]. ............ 70 

Figure 25 - Sketch of the AFM-SKPFM with electrical equivalent circuit [121]. .................... 71 

Figure 26 - Sketch of the girth weld used for the project with dimensions. ......................... 73 

Figure 27 - Cross section of the reference weld, the seven different passes are labelled in 

the picture. Material etched in Glyceregia. ........................................................................... 75 

Figure 28 - Comparison of point counting and image analysis methods. .............................. 78 

Figure 29 - Micrograph of the parent material after KOH etching. ....................................... 79 

Figure 30 - Micrograph of the HAZ after KOH etching. .......................................................... 79 

Figure 31 - Micrograph of the weld pass 1 after KOH etching. .............................................. 80 

Figure 32 - Binarized images of the weld microstructure for phase ratio estimation with 

different colour threshold. ..................................................................................................... 81 

Figure 33 - Weld cross section with region labelled. ............................................................. 82 

Figure 34 - Nanohardness profile across the weld HAZ. ........................................................ 83 

Figure 35 - sin2ψ method for residual stress estimation. Sketch of the lattice distance for 

the plane (hkl) against sin2ψ. ................................................................................................ 84 



 
 

8  

Figure 36 - Detail of the points used for the residual stress estimation with XRD. Stress is 

expressd with respect to the direction system reported in this picture. .............................. 86 

Figure 37 - Residual stress in austenite (black) and ferrite (red) in the weld and in the 

parent material. ..................................................................................................................... 87 

Figure 38 - Residual stress in austenite (black) and ferrite (red) in the weld and in the 

parent material. ..................................................................................................................... 88 

Figure 39 - Cooling profiles of the simulated heat affected zones and CCT curves for sigma 

and chi phases formation (1% fraction). ................................................................................ 94 

Figure 40 - Examples of the classification proposed using the EBSD maps. To enhance the 

contrast, austenite phase is shown in solid red and ferrite grains in IPF colours.(A) 

intragranular austenite (IGA), (B) grain boundary austenite (GBA) and (C) coarse austenite 

(CA). ........................................................................................................................................ 96 

Figure 41 - EBSD phase maps for the as-recevied material and for the thermal treatments 

applied. Ferrite in blue, austenite in red. .............................................................................. 97 

Figure 42 – K-S phase boundaries (in green) between austenite (red) and ferrite (blue) . ... 99 

Figure 43 - SEM image of the chromium nitrides at the ferrite:ferrite grain boundaries of 

the 1.5kJ/mm microstructure. Low-voltage EDX elemental map of nitrogen shown in the 

detail. ................................................................................................................................... 100 

Figure 44 - SKPFM Volta-Potential map of the chromium nitrides at the ferrite:ferrite grain 

boundaries of the 1.5kJ/mm microstructure. ...................................................................... 101 

Figure 45 - Atmospheric corrosion attack on the 1.5 kJ/mm microstructure, showing the 

dissolution of the ferrite surrounding the chromium nitrides. ........................................... 102 

Figure 46 - Thermal history of the simulated HAZ (red) with 1% Sigma and Chi theoretical 

CTT curves. ........................................................................................................................... 112 

Figure 47 - EBSD phase maps of base metal (a) and simulated HAZ (b). austenite in red, 

ferrite in blue ....................................................................................................................... 114 



 
 

9  

Figure 48- SKPFM measurements on the wrought metal/base metal (BM) (left) and the 

simulated HAZ (right) with a corresponding heat input of 1.0kJ/mm. From top to bottom: 

height map, Volta-Potential map, example of line scans in austenite (red) and ferrite (blue).

 ............................................................................................................................................. 116 

Figure 49 - PTD polarization curves in the activation region. Wrought/base metal in blue, 

simulated HAZ in red. ........................................................................................................... 118 

Figure 50 - Deconvolution of the PTD polarization curve in the activation regions for the 

wrought/base metal (left) and the simulated HAZ (right). Austenite activation curves in red, 

ferrite in blue. ...................................................................................................................... 119 

Figure 51 - Mini-tensile samples geometry. ........................................................................ 130 

Figure 52 - Austenite fraction distribution in the high temperature HAZ. Austenite in black, 

ferrite in white.The austenite fraction is estimated with image analysis (method described  

in  4.1.1.2). ........................................................................................................................... 133 

Figure 53 - Austenite morphologies in the HAZ. Austenite in white, Ferrite in IPF colours.134 

Figure 54 - DSS surface after hydrogen charging (20mA cm-2, 80°C, 01.M H2SO4 + 250 mgl-1 

NaAsO2, 48hrs). .................................................................................................................... 135 

Figure 55 - Cross section of damage in hydrogen charged DSS surface (left) and EBSD phase 

map of the same location (right).Austenite in red, ferrite in blu. ....................................... 135 

Figure 56 - Detail of the cross section EBSD map. In blu, the BCC martensite lathes. K-S 

phase boundaries in green................................................................................................... 136 

Figure 57 - Cross section micrograph showing one blister at the ferrite:austenite interphase 

(left) with EBSD phase map (right). ...................................................................................... 136 

Figure 58 - Misorientation line-scan across the subgrains in the deformed ferrite, showing 

the twin boundaries at 60deg misorientation ..................................................................... 137 

Figure 59 - Fracture surface of an hydrogen charged mini-tensile sample of the parent 

material. Average depth of the brittle failure shown in the picture. .................................. 138 



 
 

10  

Figure 60 - - EBSD phase map of a secondary crack cross section (top). Position of the crack 

with respect to the tensile sample and strain direction (bottom). ..................................... 139 

Figure 61 - Crack path reconstruction in the HAZ. Left: EBSD phase map, austenite in red 

and ferrite in blue. Locations where austenite deviated the crack path are circle in white. 

Right: austenite in white and ferrite in IPF colours. ............................................................ 140 

Figure 62 -Crack initiation in the quasi in-situ straining. ..................................................... 141 

Figure 63 - Post-mortem EBSD on the quasi in-situ strained sample showing the ferite 

distribution (IPF colours). ..................................................................................................... 142 

Figure 64- Details of the fracture surface, showing the embrittled region and the brittle to 

ductile transition .................................................................................................................. 143 

Figure 65 - Fractography of the crack initiation ferrite grain with the position of the first 

crack opening marked. ......................................................................................................... 143 

Figure 66 - Details of the austenite fracture behaviour. Faceted brittle-like failure of 

austenite (left) and austenite:ferrite phase boundaries decohesion (right). ...................... 144 

Figure 67 - Tensile rig with mini-tensile sample assembled and detail of the MgCl2 droplets.

 ............................................................................................................................................. 157 

Figure 68 - Austenite and ferrite morphology in the weld, HAZ and base metal. EBSD phase 

map. ..................................................................................................................................... 158 

Figure 69 - Corrosion under the salt deposit in the base metal. Strain axis horizontal to the 

picture. ................................................................................................................................. 159 

Figure 70 - Anodic dissolution of ferrite and crack initiation in austenite in the base metal.

 ............................................................................................................................................. 159 

Figure 71 - Selective dissolution of ferrite and cracks in austenite in the base metal. IPF-Z 

grains map showing the mixed-mode nature of the cracks in austenite. Strain axis 

horizontal to the picture. ..................................................................................................... 160 



 
 

11  

Figure 72 - Location of corrosion attack and salt-laden deposit (droplet) with respect to the 

weld microstructure. Strain axis horizontal to the picture. ................................................. 161 

Figure 73 - Selective dissolution of ferrite and crack and cracks in austenite perpendicular 

to the strain direction .Strain axis horizontal to the picture. .............................................. 161 

Figure 74 – Progression of selective dissolution attack in austenite following sharply the 

phase boundaries. Strain axis horizontal to the picture. ..................................................... 162 

Figure 75 - Anodic dissolution of ferrite following the austenite:ferrite phase boundary. 

Strain axis horizontal to the picture. .................................................................................... 163 

Figure 76 - Sketch of miniature tensile samples machined from the welded pipe. ............ 195 

Figure 77 - Hydrogen induced changes in the near surface microstructure (left) after 2 

hours and (right) after 6 hours of cathodic charging. .......................................................... 197 

Figure 78 - Microstructural changes after 24 hours hydrogen charging under 4% applied 

strain. Parent material (left) and weld region (right). ......................................................... 198 

Figure 79 - Protrusions observed in the ferrite inside the weld. The network of grain 

boundary austenite (GBA) delimiting the ferritic grain is shown in the picture on the left. On 

the right, higher magnification image of a ferrite grain (square area in left image), 

highlighting the presence of a crystallographic relationship of these protrusions ............. 199 



 
 

12  

 LIST OF TABLES 

Table 1 -Standard chemical composition of different duplex stainless steel grades 

(wt.%)[10]. ............................................................................................................................. 29 

Table 2 - Chemical composition of Ferrite, GBA, WA and IGA with different cooling time 

[101]. ...................................................................................................................................... 65 

Table 3 - Welding procedure specifications. .......................................................................... 74 

Table 4 - Etching methods for duplex stainless steels. .......................................................... 76 

Table 5 - Ferrite:austentie ratio in different regions of the weld measured with different 

techniques. ............................................................................................................................. 81 

Table 6 - Microhardness of different regions of the weld. .................................................... 83 

Table 7 - Chemical composition of austenite and ferrite for the different microstructures. 

ZAF corrected EDX quantification. ......................................................................................... 98 

Table 8 - Fraction of the different types of austenite in the simulated heat affected zones.

 ............................................................................................................................................... 99 

Table 9 - Chemical compositions of the phases in the wrought metal and simulated HAZ 

(EDX ZAF corrected). ............................................................................................................ 114 

Table 10 - Summary of the SKPFM Volta-Potential measurements. ................................... 117 

 

file:///C:/Users/Pier-W10/Desktop/Thesis%20corrections/05_08.doc%23_Toc15891516


 
 

13  

ABBREVIATIONS AND SYMBOLS 

AR As Rececived 

BCC Body Centred Cubic 

BSE BackScattered Electrons 

CA Coarse Austenite 

DSSs Duplex Stainless Steels 

EAC Environment-Assisted Cracking 

EDX,EDS Energy-Dispersive X-Ray Spectroscopy 

Ev Electron Volt 

FCC Face Centred Cubic 

FEG Field Emission Gun 

FSD ForeScatterd Electrons 

GBA Grain Boundary Austenite 

HAC Hydrogen Assisted Cracking 

HE Hydrogen Embrittlement 

HI Heat Input 

IGA InterGranular Austenite 

K-S Kurdjumov-Sachs  

PREN Pitting Resistance Equivalent Number 

PTD Potentiodynamic 

SD Standard Deviation 

SE Secondary Electrons 

SEM Scanning Electron Microscope 

SKPFM Scanning Kelvin Probe Force 

Microscopy 



 
 

14  

TIG Tungsten Inert Gas 

ψ Volta-Potential 

γ Austenite 

δ Ferrite 

σ Sigma phase 

χ Chi phase 

ɛ Hexagonal martensite 



 
 

15  

 

ABSTRACT 

Environment assisted cracking (EAC) is the name used to describe a group of degradation 

mechanisms that cause failure of materials in service as a combined result of corrosive 

environment, mechanical stress and susceptible microstructure. Duplex stainless steels 

(DSSs) have outstanding EAC resistance, provided by the different mechanical, 

electrochemical and hydrogen diffusivity properties of the two phases. The optimal 

microstructure morphology, can be altered in the heat affected zones (HAZs) of welded 

components, with this region of the weldment offering lower EAC resistance.  

This work presents a detailed observation on the effects of arc-welding on the austenite 

morphology in the HAZ of a multi-pass DSS2205 TIG weld and in thermo-mechanically 

simulated HAZs. Austenite morphological changes, formation of precipitates and internal 

galvanic activity in the simulated alloys have been evaluated using a combination of 

microstructure characterization techniques, scanning kelvin probe microscopy (SKPFM) 

potential surveys and electrochemical measurements. The relevance of these observations 

has been validated performing EAC testing on a real-scale multi-pass tungsten inert gas 

(TIG) weld. 

The results showed a marked reduction in internal galvanic activity in the simulated HAZs, 

offering an electrochemical explanation for the enhanced SCC susceptibility of this region. 

Different degrees of hydrogen embrittlement resistance for different austenite 

morphologies were observed, with grain boundary austenite (GBA) showing the lowest 

resistance to crack progression. Austenite morphology showed an effect also on the anodic 

dissolution of ferrite - a precursor of SCC attacks – and a qualitative relationship between 

phase boundaries orientation, applied stress and preferred cracking paths was devised. 
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1 INTRODUCTION 

Duplex stainless steels (DSSs) have become an increasingly popular choice for applications 

in the petrochemical industry, duo to their good mechanical properties and corrosion 

resistance [1–3]. Of particular interest is their outstanding resistance to environment-

assisted cracking (EAC), with far superior performance than their austenitic counterparts. 

The high strength and lower nickel content makes them a preferred alternative in 

applications where their use is viable.  

The corrosion properties of duplex alloys depend largely on their microstructure. Most 

forms of corrosion would affect differently the individual constituent phases, with the 

global corrosion behaviour of the alloy being the complex results of the phases interaction. 

  

The weldability of modern duplex grade has largely improved with respect to the early 

stages of development [4]. However, the heat affected zone of the welds still proves to 

have lower resistance to stress corrosion cracking and hydrogen embrittlement. Active 

standards [5] define the requirements for avoidance of undesired tertiary phases and 

intermetallic precipitates, without providing directions on the qualification of the austenite 

and ferrite morphology in the heat affected zone (HAZ). 

 

The objective of the project is to develop microstructure descriptors for the 

characterization of local corrosion and environment-assisted cracking behaviour of welded 

duplex stainless steel microstructure. The project addresses a knowledge gap in 

understanding the design and manufacture of microstructure-optimized duplex stainless 

steel welds. 



 
 

20  

 

Through the use of thermo-mechanical simulated microstructures and actual multi-pass 

tungsten inert gas (TIG) welds, fundamental properties of the HAZ is characterized and 

their relevance in stress corrosion cracking (SCC) and hydrogen embrittlement (HE) is 

tested using multiple testing methods. 
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1.1 AIMS AND OBJECTIVES 

The main aim of this project is the development of a correlation between welding 

parameters, microstructure morphology in the corresponding heat affected zone and 

susceptibility to environment assisted cracking. In other words, this project provides a “big 

picture” of the interaction between welding heat input, microstructure morphology and 

EAC resistance.  

The first objective of this work is to find microstructural descriptors of the HAZ morphology 

directly related to the heat input (HI) used during welding. The effects of the welding heat 

input on the microstructure morphology of the heat affected zone are studied on thermo-

mechanically simulated microstructures. Electrochemical properties of the HAZ are also 

studied on these microstructure. 

Secondly, the relationship between the descriptors found and their role in EAC resistance is 

studied on a real-scale multi-pass weld. The main corrosion mechanisms of interest are 

hydrogen embrittlement and atmospheric-induced stress corrosion cracking. These 

areinvestigated using accelerated corrosion testing and high resolution characterization 

techniques. 

1.2 STRUCTURE OF THE THESIS  

The thesis is proposed in the manuscript-based format. The experimental work carried out 

and the most relevant results are presented in the form of four manuscripts prepared for 

peer-reviewed journal publication. In details:  
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Chapter 2 includes a literature review aimed to serve as background introduction to the 

metallurgy and corrosion science topics discussed in the manuscripts. Further literature is 

included in the introduction of each manuscript. 

 

Chapter 3 presents briefly the techniques used in the experimental works, with more 

details of less conventional techniques. 

 

Chapter 4 consists of an in introduction to the materials produced for the project (4.1) and 

of four manuscripts where the experimental work and results of the research activity are 

presented. 

 

 Manuscript 1 – This manuscript form the basis for the description of the HAZ 

microstructure morphology and its relationship with the heat input used in arc welding. 

The microstructure evolution at different cooling times is described in this manuscript, 

where also the formation of precipitates and tertiary phases, with their effects on 

corrosion behaviour of the HAZ, is discussed.  

 Manuscript 2 – In this manuscript, electrochemical properties of the HAZ are 

studied on a simulated microstructure. This work contributes in explaining the reduced SCC 

resistance of this region of the weld by showing the partial loss of galvanic protection 

between austenite and ferrite after exposure to welding thermal cycles. 

 Manuscript 3 – The hydrogen embrittlement resistance of the microstructure 

morphologies defined in manuscript 1 is investigated on the real scale multipass weld 

manufactured at the beginning of the project (chapter 4.1). A quasi in-situ approach and a 

pre-/post- mortem crystallographic characterization of embrittled weld samples are 
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proposed in this manuscript. Hydrogen-induced surface damage are also discussed, with 

the early stages of their formation presented separately in Annex 5.1. 

 Manuscript 4 – This manuscript investigates the morphology of atmospheric-

induced corrosion attacks on samples of the reference weld (described in chapter 4.1) 

exposed to salt-laden deposits in controlled humidity environment. The purpose of this 

chapter is to highlight the influence of strain direction and austenite distribution on the 

morphology of ferrite selective attacks. 
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2 LITERATURE REVIEW 

This chapter contains a theoretical background of the main areas of interest touched in 

the project. The literature proposed serves as an introduction to the topics developed 

in the manuscripts and presents basic principles of the metallurgical and 

electrochemical properties investigated. 

Section 2.1 introduces stainless steels, with a particular focus on duplex stainless steel 

metallurgy and microstructure evolution of DSS weldments. 

Section 2.2 introduces the principles of corrosion and basic corrosion mechanisms, 

serving as a “dictionary” for the types of corrosion cited throughout the thesis. Section 

2.3 extends the discussion to Environment-Assisted Cracking, which is the main area of 

corrosion science faced in this project. In this section, stress corrosion and hydrogen 

induced cracking mechanisms are summarized and the general knowledge exposed is 

then adapted to the specific case of duplex stainless steel alloys. 

Section 3 describes the tungsten inert gas welding technique and the use of thermo-

mechanical physical simulation to reproduce welding process on a laboratory scale. A 

review of the most significant works in the duplex weld simulations field is proposed. 

2.1 STAINLESS STEELS 

The terms “stainless steels” refers to all those iron-based alloys containing chromium 

among the alloying elements, in weigh fraction not lower than 12-13%[6]. The term 

stainless describe the corrosion resistance of these alloys, which is granted by the 

ability of chromium to form a protective chromium (III) oxide passive film when 
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exposed to oxygen [7][7–9]. With respect to low alloyed steel [8], the corrosion 

resistance is greatly improved and stainless steels show much lower corrosion rates. 

Several alloying elements are found in modern stainless steel grades, but it is in 

particular the Fe-Cr- Ni ternary system defining the phase composition of the final 

alloy. The microstructure of an alloy is crucial in defining its mechanical and corrosion 

properties; through a balance of chemistry and thermo-mechanical treatments, several 

phases can be generated. According to their microstructure, stainless steels are divided 

in classes; austenitic and ferritic steels will be briefly described in this paragraph. A 

separated section will be dedicated to duplex stainless steels (DSSs) and their 

metallurgical aspects, being the DSS2205 grade the object of this work. 

2.1.1 Ferritic Stainless Steels 

Pure iron and ferritic stainless steels exhibit body centred cubic (BCC) microstructure, 

with one Fe atom occupying each corner of the cubic reticule and another atom in the 

centre. This structure shows ferromagnetic character. Chromium, typically in a 12.5% - 

17% weight, is not only important 

for the corrosion resistance of these alloys, but it is also the main alloying elements 

that stabilize the ferritic phase (δ). Other elements with this property are called ferrite 

stabilizers and theirs stabilizing effects on the ferrite is often expressed as a “chromium 

equivalent”. A representation of the steel phase distribution estimated from the 

chromium and nickel equivalent content is summarized in the Schaeffler diagram 

[10][11] -Figure 1. Despite good mechanical properties and moderate corrosion 

resistance, these grades show limitations in weldability and a propensity to hydrogen 

embrittlement (HE); details of hydrogen diffusion in bcc phase will be discussed in the 

hydrogen section. 
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2.1.2 Austenitic Stainless Steel 

Austenitic stainless steel alloys contain Ni (6 to 12 wt.%), Cr (16 to 26 wt.%), Mn, Mo 

and N as the main alloying elements; their main constituent phase is austenite (γ), 

which exhibits a face centred cubic reticule (FCC). This structure shows paramagnetic 

properties. The high nickel content, together with the presence of nitrogen and 

manganese, extends to lower temperatures the range of existence for austenite, de 

facto suppressing or at least minimizing the austenite to ferrite transformation upon 

adequate cooling. Austenitic steels have good corrosion resistance and mechanical 

properties, nonetheless they can suffer from stress corrosion cracking in chloride-rich 

environments, where localised corrosion attacks –such as pitting corrosion – can act as 

precursors. 

 

Figure 1 - Schaeffler diagram for phase fraction estimation 

2.1.3 Duplex Stainless Steel 
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Duplex stainless steels are a family of grades characterised by a ferritic-austenitic 

microstructure, with approximately equal proportion of the two phases [1]. Combining 

some of the advantages of the austenitic and the ferritic steels, their particular 

microstructure provides the material with high strength [12,13] and high resistance to 

stress corrosion cracking (higher than corresponding austenitic steel) [14]. The lower 

Nickel content, with respect to completely austenitic steels, make them a convenient 

choice where their use is viable, attracting more interest with the increasing price of 

Nickel [15]. Duplex steels are generally referred as “super duplex”[3,16,17], when they 

have a relatively high content of Nickel (up to 7%) or “lean duplex”[18] when the 

amount of alloying elements is low. The duplex grade studied in this work is the UNS 

S32205, commonly referred to with his trade name 2205, one of the most widely used 

grades. 

The effects of the single alloying elements on the microstructure and the corrosion 

resistance will be discussed in this chapter. Thermal treatments and the resulting 

precipitation of tertiary phases will be also described, together with some general 

aspects of the corrosion resistance for this class of steels. 

 

2.1.3.1 Chemical Composition and effect of the Alloying Elements 

 

The chemistry of the alloy plays a crucial role in determining the microstructure at the 

temperature of operation; the composition of the 2205 grade is listed in Table 1. The 

alloying elements have different effects in stabilising the ferritic or the austenitic phase 

and, thus, some of them tend to partition [19,20][19–21] in one of the two phases, 

which result in having different composition from the nominal one. 
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Chromium enhances the general and localised corrosion resistance by the formation of 

a chromium oxide/hydroxides rich passive film [22]. The passive range of potential, 

thus, is extended by its addition. A limitation to the amount of Cr that can be added is 

caused by its ability to form tertiary/intermetallic phases (σ, Cr2N, CrN) [23] that have 

negative influence on the corrosion properties. The weight fraction of Cr in duplex 

steel is generally in the range 20.1-25.4% [24], with some superduplex grades reaching 

29%. During solidification, when austenite precipitates from ferrite, this element tends 

to partition in the ferrite. Partitioning occurs with many of the alloying elements, even 

though it is much more evident for Chromium, Molybdenum, Nickel and Nitrogen [20]. 

Molybdenum has a beneficial effect on the pitting potential and the passive range of 

the alloy [25]; it is known to contribute in the formation of the oxide layer, with the 

outer layers of the oxide film particularly enriched with Mo oxides [26].The content of 

this element is usually limited to 4% because of its ability to promote formation of 

secondary phases. Mo tends to partition in the ferrite, with a strong raise of its weight 

fraction in this phase composition. 
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Table 1 -Standard chemical composition of different duplex stainless steel grades (wt.%)[10]. 

 

2.1.3.2 Tertiary Phases and Precipitates – Sigma, Chi, Nitrides and 475°C Embrittlement 

 

Secondary phases and precipitates form in DSSs in specific ranges of temperature and 

show a variety of effects in the properties of the final alloy. They have great relevance 

on the corrosion resistance and on the mechanical properties of the alloy. During 

exposure of the alloy in a range of temperatures between 400°C and 950°C, several 

precipitates can form in the material. 

Ferrite (α) can decompose in Sigma (σ), Chi (χ) and Nitrides tertiary phases following a 

eutectoid reaction (Equation 1) [27] 

(Eq 1) 𝛼 → 𝜎 + 𝜒 + 𝐶𝑟2𝑁 

Sigma phase (σ) is nucleated at 700-950 °C [28,29] and exhibits a tetragonal structure 

with a high content of chromium (30%) and molybdenum (7%). Hard and brittle, it is 

preferentially nucleated at the ferrite-austenite and ferrite-ferrite boundaries; σ 

precipitation is also associated with a depletion of Cr and Mo in the adjacent grains 

[30]. However, the diffusion of Mo to the sigma phase from adjacent ferrite grains is 
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faster: the diffusion of this element is controlling step in the sigma phase growth. The 

diffusivity of Cr and Mo in the closed-packed FCC (Face Centred Cubic) structure of the 

austenite is slower than in the BCC (Body Centred Cubic) structure [23,31]; accordingly, 

the sigma phase nucleated at the grain boundaries grows inside the adjacent ferritic 

grains. When the steel is cooling through this range of temperatures, the amount of 

sigma phase formed depends on the cooling rate. An example of simulated Time-

Temperature Transformation and Continuous Cooling Transformation curves for the 

2205 grade (22-23 wt.% Cr, 3-3.5 wt.% Mo) for the precipitation of different fractions 

of σ phase (1, 3, 5 and 10%) is shown in Figure 2 [32]. 

 

Figure 2 - CCT curves for 1, 3, 5 and 10% σ-phase fraction in DSS2205 steel [32] 

Chi phase (χ) [27,28,33,34] exhibits a body centred cubic structure containing about 25% 

Cr, 3% Ni and 14% Mo (Fe36Cr12Mo10 [33]). The Chi-phase forms at the austenite/ferrite 

interface but, according to its crystallographic structure, a cube-cube orientation 

relationship ensures the continuity of this phase with the ferrite. Another difference 
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related to the crystallographic structure between sigma and chi phases, is the higher 

solubility of Carbon in the latter. 

The solubility of nitrogen in ferrite is high only at high temperature (just below the solidus, 

duplex steels are fully ferritic); during cooling, nitrogen partitions into the austenitic phase, 

while its solubility in ferrite drops considerably. As a result, the supersaturated ferrite can 

be exposed to the precipitation of intergranular Cr2N needle-like nitrides [35,36]. 

Another transformation that occurs in ferrite, between 350°C and 550°C, is the 

decomposition of this phase in a Cr enriched phase (α") and a Cr-depleted phase (α’). The 

miscibility gap in the Fe-Cr system is the cause of the spinoidal [37,38] decomposition of 

ferrite; the highest rate of decomposition is found at 475 °C. Because of the effect of this 

decomposition on the mechanical properties of the alloy [38,39],this transformation is 

called “475 °C embrittlement”. 

2.1.3.3 Microstructure Development in a Weld 

 

The microstructure of the metal in a weld is different from the one of its parent material, 

both because of the different thermal history and the different chemical composition of 

the weld (even when an autogenous weld is performed, nitrogen loss during heating can 

alter the composition [40]. Similarly to a cast microstructure, solidification starts as 

epitaxial growth of ferritic grains from the parent material wall, with a dendritic structure 

whose orientation depends on the thermal gradients in the weld pool [4,41]. Generally, the 

austenite precipitates between the dendritic ferrite structures by solid-state 

transformation; however, this process is not homogenous. 

 

In fact, different types of austenite have been reported to form in the solidification of a 

weld, with intergranular austenite (or grain boundaries austenite, GBA), Widmanstatten 
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austenite (WA, precipitating also at the ferrite:ferrite grain boundaries [42]) and 

intragranular austenite (IGA)[43] all commonly found in a multi-pass weld. The 

precipitation of austenite is a diffusion-controlled mechanism with the cooling rate being 

the main variable that controls the relative amount of austenite. 

 

The effect of the different austenite types on stress corrosion cracking propensity have 

been shown by Liou et al. [43] ; the time to failure of U-bend sample in 40% calcium 

chloride aqueous solution at 100°C has been recorded and the fracture surfaces analysed. 

Their results showed that the susceptibility of the microstructure towards intergranular 

SCC was enhanced by the presence of grain boundary austenite, while the replacement of 

GBA by Widmanstatten Austenite and IGA moved the corrosion mechanism to 

transgranular SCC. These results suggest that an in-depth understanding of the morphology 

of the reformed austenite in welds is a crucial step to control and prevent stress corrosion 

cracking. 

 

An approximate prediction of the austenite:ferrite content in a weld can be made 

considering the chemical composition of the alloy. The Welding Research Council diagram 

from 1992 [11]] for example, gives an empirical description of the microstructure resulting 

from welding alloy with different compositions, improving 1974 DeLong’s and 1949 

Schaeffler’s diagrams. The alloy elements are grouped, according to their partitioning 

behaviour, in nickel equivalent (elements that promotes the stability of austenite) and in 

chromium equivalent (conversely, elements that promotes the stability of ferrite). This 

diagram – see Figure 3- is used in practice to have a first approximation of the austenite 

fraction that can be expected in a weld; the calculation do not take into account the 

kinetics of the solidification in a real weld, being based on equilibrium thermodynamics 

only. 
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Figure 3 - WRC (Welding Research Council) diagram for phase prediction in duplex stainless steel welding[11]. 

2.2 CORROSION AND ENVIRONMENT-ASSISTED CRACKING 

This section summarizes some of the fundamentals of corrosion science, with a general 

introduction on the chemistry of the reduction/oxidation reactions involved in all the wet-

corrosion mechanisms and a presentation of the localised corrosion types more relevant to 

this project. 

 

2.2.1 Principles of corrosion and basic mechanisms 

Electrochemical corrosion [44]  is the name used for all the materials degradation 

processes that involve a spontaneous oxidation-reduction reaction (redox) causing the 

conversion of a refined metal, such as iron in steel alloys, into a different chemical 

compound (often an oxide) with a lower Gibbs free energy (thermodynamic condition). 

Aqueous or wet corrosion is the field of corrosion science that studies corrosion 

phenomena produced in aqueous solution. The electrochemical corrosion reactions can be 

split in two groups, anodic and cathodic. Together with the electrolyte where these 

reactions occur, this is called an electrochemical cell – see Figure 4. 

An anodic reaction in this context is a reaction that occurs on a metal atom and raise its 
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oxidation state by removing electrons, this can be generalized as: 

 

M -> Mn+ + ne- (anodic dissolution) 

 

Conversely, a cathodic reaction is a reaction that consumes electrons reducing the 

oxidation state of one or more of the reagents involved. Cathodic reactions in water 

change according to the acidity of the environment: 

 

2H+ + 2e- -> H2(gas) (hydrogen evolution) [45] 

O2 + 4H+ + 4e- -> 2H2O (oxygen reduction in acidic environment) 

O2 + 2H2O + 4e- -> 4 OH- (oxygen reduction in alkaline environment) 

 

It is worth to recall that a cathodic reaction can be provided not only by water and oxygen, 

but also by metallic species if the reduction of a metallic cation is possible. Metallic salts 

dissociated in water, such as FeCl3, may act as oxidising species once dissolved; their 

cations in this case provide the reduction reaction. 

 

Mn+ + e- -> M(n-1)+ (metal cation reduction) 

FeCl3(s) -> Fe3+ + 3Cl- (Ferric Chloride dissociation in water) 
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Figure 4 - Sketch of a two electrode electrochemical cell. 

For the electrolytic cell to be complete, a conductive media is necessary for the ionic 

current  flow to circulate from the anode to the cathode so that the reduced specie can 

combine with the oxidised metal. Also, anode and cathode need to be in electrical 

connection in order to transfer electrons. This condition can be satisfied by having anodic 

and cathodic regions on the same material or by having an external connection (galvanic 

coupling). 

The corrosion process requires a susceptible material (anodic reaction) and a reactive 

environment (cathodic reactions). Removing one of the two breaks the cell and stops the 

corrosion process. Corrosion protection strategies addressed to the anodic reactions work 

on the availability of the thermodynamic conditions for metal oxidation to occur, either by 

selecting a material inert in the specific conditions or by conditioning its surface potential 

via external polarization systems (cathodic protection). Strategies addressing the cathodic 

reactions work by means of insulation of the active material from the environment (native 

passive films, coatings) or by removing oxidising species from the environment itself (de-

oxygenation, pH control, corrosion inhibitors). 

When a material is free to corrode in a specific environment, the anodic dissolution 

involves the whole surface exposed and is referred to as “generalized corrosion”. This term 

is used to describe those corrosion attacks that produce typically a homogeneous damage. 
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The anodic current density determines the corrosion rate, and the mass of metal dissolving 

per unit of time can be easily calculated with the Faraday law . 

 

where CR is the mass loss (in centimetres per second), i is the current (in Amperes per 

squared centimetres), M is the molar mass of the metal, F is the Faraday constant 

(96485 Coulomb per mole), z is the valency number of the oxidized ion and  is the 

density (in grams per centimetre cube). Due to the meaning of the corrosion rate in 

real applications, more common units are millimetres or microns per year. 

 

2.2.1.1 Passive films and Evans Diagram 

 

Corrosion resistant alloys, such as stainless steels, rely on the passivation  properties of 

one or more of their alloying elements; these elements have the property to form a 

passive film that isolates the active metal from the environment. Once the passive film 

is established, ideally the only contact between oxidizing species and metal can 

happen by diffusion through the vacancies and defects of the passive film, therefore 

reducing the corrosion rate of the metal to negligible values. In other words, the 

passive film intervenes on reducing the kinetics of the corrosion process, making it so 

slow enough for its effects to be irrelevant in the time scale of the application the 

material is selected for. However, in practical application, passive films are both prone 

to defects [9] from processing and susceptible to attack and local degradation from 

specific chemical species. 

Passive films composition is determined by several factors. In modern alloys, the 

chemical composition of the metallic system determines the types of metal oxides that 
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can be found in the passive film in first place. Further, condition of the environment 

such as temperature, pH and presence of halide ions can influence the film 

composition. The passive film is in constant interaction with the environment and the 

dynamic equilibrium of passive film dissolution and new film formation is crucial for its 

protective effects on the bare metal.  

 

Two different regimes of passive film growth can be identified. An initial passive film 

readily forms on the bare metal surface upon exposure of the metal to the oxidizing 

environment. Once the film reaches sufficient coverage and thickness to insulate the 

bare metal from the environment, the growth rate of the film is limited by either ions 

diffusion through vacancies and defects in the passive film or by charge transfer 

through the film. In this second regime, the film growth can happen either at the 

metal/oxide or the oxide/environment interface. For the film to be protective, the 

dissolution of the film in the environment needs to be readily compensated by further 

passive film growth. The passive region in the Evans diagram identifies this balance, 

with the small anodic current in this region being the current used to sustain the 

passive film. 

Figure 5 - Evans diagram (Potential vs. current density) for a passive material. 
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The corrosion behaviour for materials forming a passive film can be divided in distinct 

regions. An example of the anodic part of the Evans diagram (potential vs. logarithm of 

the corrosion current) is shown in. The effects of the passive film can be see Figure 5 at 

the active to passive transition potential (passivation potential), when the passive film 

forms and the corrosion current therefore drops of several orders of magnitude. The 

established passive film is stable in a range of potential called passive region before 

the condition for the breakdown of the passive film is reached and the protective oxide 

layer deteriorates, leaving the metal exposed to the environment and free to corrode. 

This representation does not keep into account for localised ruptures of the passive 

film, which can occur at potentials lower than the breakdown potential when 

particularly aggressive ions are in contact with the surface. In particular, chloride ions 

are particularly detrimental for chromium (III) oxide passive films and their effects have 

been reported and studied for decades now, despite the mechanism of the chlorides 

attack on the passive film is not completely explained. 

2.2.1.2 Localised Corrosion 

 

Passive metals are far from immune from corrosion attacks. In fact, despite the passive 

film can assure protection against general corrosion (or, more accurately, reduce its 

kinetics to acceptable levels), some corrosion forms can attack the passive film locally 

and produce substantial damage to the entire material. Because of their nature, 

involving initial damages on a small scale, localised corrosion attacks can be difficult to 

spot and to mitigate at early stages. The local rupture of the passive film is normally 

the initial step of any localised corrosion attack. This rupture can be facilitated by 

features of the microstructure - such as metallic inclusions and precipitates – or from 
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design flaws – such as crevices in assemblies. In the following paragraphs, some of the 

most relevant localised corrosion forms are introduced. 

 

2.2.1.2.1 Pitting Corrosion 

 

Pitting corrosion is the name used for an extremely localised corrosion attack that after 

local depassivation produces a small anodic area of active metal couples with the rest 

of the material that, being still protected from the passive film, act as a cathodic 

surface. The result of this galvanic coupling is an autocatalytic process that leads to the 

formation of small holes in the metal (pits), growing in depth – see Figure 6. The 

environment inside a pit undergoes modifications that make the attack progressively 

more aggressive. In particular, the reaction of the oxidised metallic ions with the 

environment produces a strong increase in acidity, as a result of a chemical reaction 

called ‘metal ion hydrolysis’[46]. Further, the local excess of positive charge in the pit 

volume tends to attract negative charged ions to maintain the electrical neutrality, 

such as Cl-. Another aspect of the pit environment, which makes the attack particularly 

aggressive, is the progressive depletion of oxygen whose diffusion is impaired by the 

pit geometry itself which limits the convection; the depletion of reducing species inside 

the pit and the progressively more acidification make the attack able to progress to 

considerable depths. 
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Figure 6 - Environment change within a pit. 

The pits growth is facilitated in depth by the locally more aggressive environment, while 

the hole on the surface may remain relatively small and therefore difficult to identify; 

similarly, the weight loss due to pitting is generally moderate, because of the small volume 

interested. 

The pitting potential (EP) is the lower value of potential for which a stable pit can form. At 

lower potentials, pits are metastable and passive film breakdown and repairs are equally 

possible. At lower potentials,  pitting corrosion cannot occur. In order to stop a pitting 

attack once initiated, the material need to be polarized at the repassivation potential (ERP). 

This value of potential can be individuated with cyclic voltammetry, following the 

hysteresis cycle that bring the metal back into the passive region. 

2.2.1.2.2 Crevice Corrosion 

Crevice corrosion is the name given to all those corrosion attacks that occurs in a narrow 

gap between two adjacent surfaces (sketch in Figure 7), irrespective of whether they are 

both metallic or just one of the two is. In fact, crevice attacks on a metal surface can be 

found also under deposits, damaged coatings or plastic parts. The evolution of the 

environment within a crevice follows similar route as the development of the environment 

within a pit. The biggest difference is that the geometry for local deterioration of the 

environment is already provided [47]; therefore the initiation of a crevice attack is 
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facilitated and for this reason, the potential for crevice corrosion is always lower than the 

pitting potential for the same conditions. 

 

Figure 7 - Crevice geometry and local environment 

2.2.1.2.3 Galvanic Coupling 

On a metal in free corrosion regime, anodic and cathodic regions are distributed on the 

surface, with the corrosion rate dependent from the combination of material and 

environment. This balance can be altered when the material is put in connection with a 

dissimilar alloy with higher or lower nobility in the same environment. In particular, the 

cathodic reactions concentrate on the more noble material while the anodic reactions 

on the less noble. The difference in electrochemical potential between the two metals 

determines the properties of the galvanic couple – see Figure 8. 

 

Figure 8 - formation of net anodes and cathods in a galvanic couple. 

Particularly detrimental is the couple between a small anode and a large cathode (a good 

example can be a large structure of some corrosion resistant alloy assembled using less 
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resistant metallic nuts and bolts). In this case, the balance of cathodic and anodic reaction 

causes a concentrated and therefore deep attack on the anodic spots, while the entire 

surface act as a net cathode. The corrosion current is, in fact, proportional to the ratio 

between cathodic and anodic areas. It is worth to mention that this corrosion mechanism 

can be also used as a protection system.  Cathodic protection of a structure can be 

achieved by electrical connection with a less noble material, which will behave as a 

sacrificial anode preventing corrosion attacks on the cathode. 

2.2.1.2.4 Intergranular Corrosion and Sensitization 

Corrosion attacks that interest the grain boundaries of the metal grains are described 

as intergranular corrosion. Corrosion at the grain boundaries is often the result of 

compounds precipitation at the grain boundaries and local depletion of the chemical 

species involved in the precipitation from the surrounding matrix [48,49]. 

A frequent case of intergranular corrosion is the precipitation of chromium carbides at 

the grain boundaries in stainless steels and it is referred to as sensitisation. The 

affinity of chromium for carbon can lead, especially during welding or other thermal 

treatments, to the formation of chromium carbides. The alloy surrounding the 

precipitates is therefore depleted in chromium (see diagram in Figure 9), exposing the 

risk of the chromium content to drop below the amount necessary to form a passive 

layer (12%). As a result, the regions adjacent the grain boundary may be no longer 

protected, leaving the metal in active conditions. 
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Figure 9 - Sketched of the chromium distribution caused sensitization at the grain boundaries. 

2.2.1.2.5 Atmospheric Corrosion 

The exposure of metals to air containing both pollutants and humidity can promote a 

corrosion form called atmospheric corrosion. The chemical composition of the thin film of 

electrolyte, which is exposed to oxygen and pollutant, depends not only on the availability 

of salts but also on the relative humidity. A dry surface contaminated with hygroscopic salts  

is virtually immune to atmospheric corrosion until the relative humidity is enough to 

hydrate the salt and form a thin film electrolyte [50]. The relative humidity for the salt to 

absorb water and form droplets of saturated solution is called the “deliquescence relative 

humidity (DRH)” and represents the most aggressive thin film conditions. The lowest the 

deliquescence point for a salt, the lower the relative humidity needed to reach the most 

aggressive conditions. In seawater environment the salts with the lowest DRH are MgCl2 

and CaCl2, which are therefore often used to study atmospheric corrosion in chlorides rich 

environment. 

The atmospheric corrosion attacks, coupled with the stress applied to the material, can 

cause what is referred to as atmospheric-induced stress corrosion cracking. 
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2.2.2 Environment Assisted Cracking 

Environment Assisted Cracking (EAC) is the name commonly used to identify all the 

failure mechanisms that involve the growth of a crack in a material under a mechanical 

stress (applied or residual) lower than the ultimate tensile stress and in presence of a 

reactive environment. The driving force for the crack propagation is both chemical and 

mechanical in EAC, as the material in the same conditions would not fail with just one 

of the two contributes.  

Chloride induced stress corrosion cracking is one of the most common failures in 

stainless steels [51–53]. Even though the beneficial effect of the duplex microstructure 

has been evident since DSSs earlier application and their resistance to SCC is greater 

than corresponding austenitic grades, this type of corrosion still occurs. The conditions 

under which cracks generate and grow are still matter of discussion; their 

understanding calls for considerations about the role of localised corrosion and 

hydrogen embrittlement in the crack initiation and progression, which is discussed in 

this chapter. A review of different proposed mechanisms is also included. 

2.2.2.1 Stress Corrosion Cracking 

In an active/passive alloy, the initiation of a crack in the material requires the rupture of 

the passive film that protects the grains. In fact, one of the most likely initiation site for SCC 

is where localised corrosion phenomena, such as pitting or crevice corrosion, are 

happening. All the defects that can weaken the passive film as inclusions, local de-alloying 

and anodic precipitates can be possible initiation points for SCC. However, the progression 

of a crack would be impossible without further reactions - between the environment inside 

the crack and the alloy - happening at the crack tip. Some of the most likely mechanisms 

studied in the years are reported in the following section. 
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2.2.2.2 Mechanisms of Stress Corrosion Cracking 

Film-rupture mechanism. This mechanism, proposed at first in the ‘70s by Vermilyea 

[54] involves the rupture of the passive film when the crack tip intersect slip bands in 

the grains. According to this model, the metal is dissolved at the crack tip in a direction 

perpendicular to the stress, with a moderate dissolution of the material behind the 

crack tip. Once the passive film is damaged, the dissolution proceed till the passive film 

reforms, following preferential paths – see Figure 10. 

 

Figure 10 - Schematic representation of the film-rupture mechanism[54] 

Selected-dissolution vacancy creep[55]. Vacancy generation in the surface layer of a 

metal has been proposed to occur as the effect of different processes such as the 

active dissolution of the metal surface in acidic environment, the growth of the 

passivating oxide film or the absorption of hydrogen in the metal. A mechanism that 

keeps into account the role of vacancies is the selective- dissolution vacancy-creep 

(SDVC) - first proposed by Hänninen et al. in 1996 [56]. According to this model, 

vacancies are injected into the metal as a result of the oxidation process; the cation 

vacancies forming at the interface between the passive film and the solution, when 

rupture of the passive film has not occurred yet, are thought to be transported through 

the oxide film to the metal surface beneath; here, they are injected into the metal 



 
 

46  

lattice and interact with the existing defects. In particular, vacancies can interact with 

dislocation in the plastic zone ahead of the crack tip – resulting in locally enhanced 

plastic flow in this region and in facilitated cracking by localised shear. Vacancies can 

also collect in voids, enhancing also in this case the susceptibility to crack by localized 

shear. As a consequence, the passive film break- down at the crack tip occurs. 

Surface-mobility mechanism (SMM). This mechanism, proposed by Galvele [57] 

suggests that the growth of a crack may be assisted by the diffusion of superficial 

atoms from the highly-stressed region around the crack tip to fill vacant lattice position 

behind the crack, leaving new vacancies at the crack tip. The rate of migration of 

vacancies to the crack tip is the controlling step for this mechanism. This mechanism 

requires the diffusion rate of vacancies at the surface to be higher than the diffusion 

rate in the volume. In fact, even though the concentration of vacancies in a tensile- 

stressed material is higher than its equilibrium concentration, the diffusivity of 

vacancies at the temperatures typical for SCC - at least below half of the melting 

temperature, which is  approximately 1450°C for a 2205 duplex stainless steel - is still 

very slow. Thus, an abnormal diffusivity at the surface is required for this model to 

match. The presence of contaminant on the surface, which is almost unavoidable in 

real conditions, provides the material with low melting-point build ups that explain the 

enhanced diffusivity, as demonstrated by the same author. 

Film-induced Cleavage (FIC). This mechanism, developed by Sieradzki and Newman 

[53], introduces the concept that thin films can promote a brittle behaviour in a 

normally ductile material on a microscopic scale. The innovative aspect of this theory is 

that the high anodic dissolution rates required by other theories to justify the speed of 

progression of the crack are no longer required. In fact, the role of the anodic reaction 

is required just to produce a cleavage-initiating film that will undergo a brittle fracture 
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followed by a brittle fracture of the substrate itself covering a much longer distance 

(up to 1000 times the thickness of the film). Finally, obstacles (as pre-existing or 

deformation-generated defects) lead to crack arrest and blunting. A schematic diagram 

for the FIC mechanism is given in Figure 11. 

 

 

Figure 11 - Schematic diagram for the Film-Induced Cleavage mechanism [53]. 

 

2.2.2.3 Mechanics of Stress Corrosion Cracking 

 

By a macroscopic point of view, the production of a SCC attack results in a strong 

reduction of the Ultimate Tensile Strength (UTS) or, in other words, results in failure of 

the material when the applied stress is far lower than the yield stress for the material. 

When considering the fracture mechanics at the tip of a crack, a stress intensity factor, 

K (MPa√m), is introduced to keep into account the effect of a remote stress on this 

particular region. When the mode of fracture is tensile, the parameter is called KI. 

The upper limit of the stress intensity factor for a crack to propagate further, is called 

the critical stress intensity factor, KIc. When SCC occurs, the stress intensity required 

for the crack propagation drops to lower values as the stress on the materials is no 

longer the only driving force for the crack to advance. The threshold stress intensity 
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factor required for the crack to propagate in presence of stress corrosion cracking is 

indicated as KISCC, and can be as lower as a few % of KIc only [58]. 

The velocity of a crack progression in the stress regimes below KIc does not follow a 

linear relation with the stress intensity. In particular, just above the KISCC the crack 

initiate and the propagation velocity increase (region “I” in Figure 12) until the crack 

reaches a stable velocity (plateau in region “II” in the same figure) where further 

increase of the stress intensity factor have almost no effect on the propagation, 

suggesting that the controlling mechanism is the electrochemical dissolution. The crack 

velocity starts to increase again when K is approaching KIc and the mechanical 

contribution to the propagation is greater. 

 

Figure 12 - Stress corrosion crack propagation velocity versus stress intensity factor. 

 

2.2.2.3.1 Slow Strain Rate Tests 

 

A type of test used to evaluate the resistance to stress corrosion cracking of a material is 
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the slow strain-rate test (SSRT) – sometimes referred to also as constant extension rate 

tensile test (CERT) . In this test, a constant increasing elongation is applied using a low 

strain rate. The selection of the strain  rate  is based  upon  the  material and  the  

environment; in  ASTM  guidelines, the  strain rate suggested for the area of interest of this 

project, stainless steel in chlorides environment, is 1x10
-6

s
-1

. This test is considered to be 

quite severe while being faster than long-term atmospheric exposure tests [59]. 

2.2.2.4 Hydrogen Embrittlement 

 

Mechanisms of SCC based on hydrogen adsorption have many similarities with the 

mechanisms proposed for Hydrogen Embrittlement. A review of the HE mechanism is given 

in this chapter. 

 

2.2.2.5 Mechanisms of Hydrogen Embrittlement 

 

Hydrogen-enhanced localised plasticity (HELP)[60]. The principle underlying this 

mechanism is that hydrogen assisted cracking occurs because the solute hydrogen 

facilitates the movement of dislocations. The hypothesis of this mechanism is that, as 

high hydrogen concentrations are localised near the crack tips - because of hydrostatic 

stress recalling hydrogen from within the material or hydrogen entry at the crack tip - 

the deformation is localised around the crack tip. A comparison between the plastic 

zones with and without hydrogen is shown in Figure 13. 
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Figure 13 - Schematic diagram illustrating the HELP mechanism[60]. 

 

Hydrogen-enhanced decohesion (HEDE). The decohesion hypothesis requires the hydrogen 

to induce weakening of the interatomic bonds making the tensile separation of atoms 

more favored than the slip. The weakening of the metal-metal bond is thought to be the 

consequence of the reduced charge-density due to the presence of high concentrations of 

atomic hydrogen in the metal [61]. High concentrations of hydrogen can occur in a variety 

of locations in proximity of the crack tip but a common requirement which is thought to be 

necessary for the hydrogen concentration to raise to sufficiently high levels is the presence 

of high elastic stresses [61]. Explaining the fracture purely as a sequence of atoms tensile 

separation after reaching a critical crack-tip opening displacement (CTOD) is not sufficient. 

Because of the constraining effect of the other atoms surrounding the crack tips, the 

separation process is likely to be more complex, with shear movements of atoms probably 

involved in reaching the CTOD of the crack tip. 

Adsorption-Induced Dislocation Emission (AIDE) [62]. The AIDE mechanism is based upon 

the hydrogen-induced weakening of the atomic bonds, similarly to the HEDE mechanism, 

and the crack growth by localised slip, as for HELP. The “dislocation emission” is referred to 

both the nucleation and the subsequent movement of dislocation, with the hydrogen 

adsorption facilitating the first. In fact, the nucleation stage involves the formation of a 
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nucleation core and a surface step, which is generated by the shearing of atoms; in this 

stage hydrogen, weakening the interatomic bonds over several atomic distances, facilitates 

the process. When a crack grows in a ductile material in an inert environment ( not 

considering hydrogen), growth appears to proceed by egress of dislocation (nucleated in 

the plastic zone ahead the crack tip) and little or no emission of dislocation from the crack 

tip occurrs. When dislocations are not emitted from the crack tip and are, instead, 

emanating from near-crack-tip sources, only a fraction of these dislocation intersect exactly 

the crack tip. The most of them contribute to blunting of the tip and straining of the region 

ahead. The crack growth by microvoids coalescence in these conditions requires large 

strains and the nucleation of large voids requires at the same time the nucleation of small 

voids between them. As a result, a surface fracture with small dimples within larger and 

deeper dimples develops (see Figure 14). 

 

Figure 14 - Ductile crack growth by egress of dislocation nucleated from near-crack-tip sources and no emission 

of dislocations from the crack tip [62]. 

On the other end, when hydrogen weakens the interatomic bonds - promoting the 

emission of dislocations from the crack tip - the dislocation activity is more relevant for the 

progression of the crack. Dislocation emission on inclined slip plans around the crack tip 

give rise to both crack-advance and crack-opening. Voids coalescence still occurs, but 

smaller strains are required. As a result, dimples on the crack surface are smaller and 

shallower (see Figure 15). 
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Figure 15 - Schematic illustration of AIDE mechanism, involving crack growth by alternate slip (intergranular 

path in this example)[62]. 

2.2.2.6 Localised corrosion and Environment Assisted Cracking in Duplex Stainless Steels 

 

This section contextualizes some of the corrosion mechanisms discussed till now in the 

frame of a dual-phase microstructure. Characteristic aspects of SCC and HE for duplex 

grades are summarized. 

2.2.2.6.1 Pitting Resistance in Duplex Stainless Steels 

 

The presence of Cr, Mo and N in duplex stainless steels provides them with good 

resistance to pitting in chlorides containing environments [63]. The Pitting Resistance 

Equivalent Number (PREN) is often used to rank the pitting resistance of an alloy; 

however, in this family of alloys, the two phases show different compositions. The 

tendency of the alloying elements to partition in one of the two phase suggests that a 

PREN [21,64] number should be calculated for each of the two phases. Cr and Mo 

provide ferrite with good pitting resistance, while the same result is achieved in 

austenite by the N and Ni additions. 

𝑃𝑅𝐸𝑁 = 𝑤𝑡. % 𝐶𝑟 + 3.3𝑤𝑡. %𝑀𝑜 + 16𝑤𝑡. %𝑁 
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The amount of alloying elements is balanced to avoid formation of tertiary phases and 

precipitates, with excess of Cr promoting the formation of σ-phase [65,66] and N 

promoting the precipitation of Nitrides because of its low solubility in metals. However, 

incorrect thermal cycles or complex welding procedures can alter the phase balance. σ and 

χ [27,33] phases are known to have detrimental effects on the corrosion resistance of the 

alloy and nitrides has been shown to act as pitting initiation sites when their formation in 

ferrite occurs [63]. 

2.2.2.6.2 Stress Corrosion Cracking in Duplex Stainless Steels 

 

The presence of two phases in duplex steels has a great positive impact on the SCC 

resistance of these alloys. In fact, if at least one of the phases is resistant to both 

corrosion and cracking in the specific environment and the phases are distributed with 

good connectivity, the progression of a crack is strongly impeded. 

The effect of the duplex microstructure in blocking the progression of a crack can be 

appreciated by considering the behaviour of the single constituent phases individually. 

Newman and Cottis [67] compared the threshold stress to failure for a duplex grade 

with the individual ones for the austenite and ferrite phases (i.e. austenitic and ferritic 

steels with a similar composition to the one of the constituent phases in the studied 

duplex grade). The results showed that, in magnesium chloride solution at 153°C, the 

stress required for the duplex grade to fail was close to its yield stress, σy, while it was 

approximately 50% of σy for the austenitic alloy and only 20% of σy for the ferritic. 

This outcome can be explained by considering what happens inside a crack, where an 

acidic environment is developed (being the metal ion hydrolysis the main mechanism) 

[46,68,69]. In chlorides-rich acidic environments, ferrite has a lower corrosion potential 



 
 

54  

than austenite. When a crack in ferrite reaches an island of austenite, then, the mixed 

potential inside the crack drops, thus not favouring further cracking of austenite. The 

protective effect of ferrite on austenite, relies on the difference in the corrosion 

potentials of the two phases [69][69–71]. 

2.2.2.7 Hydrogen Diffusion in Duplex Stainless Steels 

 

The effect of the hydrogen dissolved in the grains, both austenitic and ferritic, can play 

a role in the cracks progression when considering EAC. Transgranular cracking through 

the austenite grains can occur and hydrogen may be part of the process. 

The diffusion coefficient and the solubility of atomic hydrogen in ferrite and in 

austenite are strongly different. The higher diffusivity in ferrite (~10
4 

times more than 

in austenite [72–75]) makes the contribution of the diffusion through austenite 

negligible.  

The diffusivity of hydrogen in duplex steel, though, is not comparable with the one in 

fully ferritic steels. A direct observation of this difference has been purposed by 

Turnbull et al. [72,76] who measured the diffusivity of hydrogen in a duplex alloy – UNS 

S32404 with 44% of austenite - and the diffusivity in the same alloy but solidified in a 

fully ferritic microstructure by heating at 1350°C and quenching in oil. They found the 

diffusivity to be 400 times lower in the duplex phase microstructure. At least two 

aspects can explain this difference. The first is the different solubility of hydrogen in 

austenite and in ferrite. Hydrogen in austenite has higher solubility, so the islands of 

austenite in the ferritic matrix act as hydrogen traps, retaining part of the diffusing 

hydrogen (the solubility of hydrogen in austenite increases when residual stress is left 

[77], which is a practical situation found in welds. In second instance, the interfaces 
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between austenite and ferrite also act as hydrogen traps. They show to have higher 

binding energy, becoming than the main obstacle to hydrogen diffusion .  

The global diffusion coefficient for a duplex stainless steel is related also to the 

dimension and the distribution of the phases. In particular, the tortuosity of the 

interfaces has a significant effect on the diffusivity [45] - a “tortuosity factor” is usually 

introduced in the calculation of the diffusion coefficient to keep the effect of the 

microstructure morphology into account [72]. The matrix of ferrite embeds islands of 

austenite with low hydrogen solubility; as a result, the effective diffusion path of 

hydrogen is no more linear across the whole thickness of the material – see Figure 16). 

 

Figure 16 - 2D sketch of the effective diffusion path (Leff) of hydrogen in the rolling (black) and the transversal 

(red) directions. The tortuosity factor keeps in account the effect of austenite – darker in the image - with 

respect to a purely ferritic alloy (dotted paths). 

2.2.2.8 Hydrogen Embrittlement and Hydrogen-Induced Microstructural Changes 

 

The hydrogen embrittlement resistance of a DSS is strongly influenced by the 

microstructure. Being the low solubility/high diffusivity phase, ferrite is the most 

susceptible of embrittlement and the increased susceptibility to HE with increasing 

ferrite content is known [77]. More in depth, also the dimensions of the ferritic grains 

have an effect on the HE resistance. In particular, Chou et al [78] have shown how the 
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increasing grain size is detrimental on the mechanical properties of the DSS2205 alloy. 

Further, also tertiary phases such the sigma-phase can have a role in crack progression, 

as shown for example from Toshio et al. [79] for DSS2205 and 2507. Increased grain 

size, higher ferrite content and precipitation of tertiary phases have in common to be 

frequent features found in the heat affected zones of DSS welds. Consistently, HAZ are 

normally the preferential location for embrittlement failures initiation, as reported by 

Woollin et al. [80,81]. 

 

However, one of the aspects that are often associated with hydrogen uptake in DSS 

but not normally discussed in the frame of hydrogen embrittlement is the effect of 

hydrogen on a microscopic scale. In between the reduction in ultimate tensile strength 

and the effects at the scale of a crack tip, effects of hydrogen on the microstructure of 

the DSSs have been considered in this section. 

 

Hydrogen has been reported to have two effects on austenite. Observing the phase 

evolution during cathodic charging of an alloy with residual stresses inside (such as the 

ones introduced by welding), it is possible to see that new slip bands appear in the 

austenite grains [82,83]. One possible explanation is that the presence of hydrogen in 

the grains causes a reduction in the shear modulus, which is the stress to overcome in 

order to generate new dislocations by multiplication. Being a source of dislocation 

already present (the residual stress in the material), the hydrogen stored in the grain 

could facilitate the whole process. For a Frank-Read type of source, the critical shear 

for multiplication of an existing dislocation can be expressed as [61,84]: 
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where τcrit is the critical shear stress for the dislocation emission, G is the shear modulus of 

the material, l is the distance between the two pinning sites locking the dislocation and b is 

the Burgers vector of the dislocation. This explanation has lot in common with the “AIDE” 

mechanism described in the “Hydrogen Embrittlement” section and could play a role in 

EAC, where hydrogen is locally generated in a crack tip and stress/strain fields are 

developed around the tip. 

However, hydrogen in the austenite can also promote the transformation of austenite 

into martensite. It has been shown [85] that the γ phase can undergo transformations 

to γ* (face centred cubic hydrides), and then to ε (hexagonal close packed martensite) 

before finally evolve in α’ martensite (body centred cubic). The possibility for the 

generation of martensite inside the austenite phase has been confirmed in literature 

both with AFM (Atomic Force Microscope) and EBSD (Electron Back-Scattered 

Diffraction) [82]. Further, the generation of slip bands can be observed also with 

common metallographic inspections. 

Transformations are supposed to occur in both the two phases. Together with the 

martensite formation, needle-like relieves on the ferrite has been shown to form – see 

Figure 17. The nature of this modifications in ferrite is not yet elucidated; a proposed 

explanation that needs further investigations is that the microstructural change in 

ferrite – where the hydrogen solubility is low – is the result of new hydride phase 

formation within the ferrite grains [85]. 
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Figure 17 - AFM topography map of a duplex stainless steel sample after hydrogen cathodic charging. Adapted 

from ref [82]. 

2.2.2.9 Role of Hydrogen in Stress Corrosion Cracking 

Hydrogen embrittlement and stress corrosion cracking have been historically studied as 

two separate corrosion mechanism and theories for both mechanisms have been devised 

individually [86]. Oxidation of a metal, however, is always accompanied by a cathodic 

reaction that, in acidic environments such as inside a stress-corrosion crack, provides a 

source of hydrogen that can be reduced and diffuse into the metal, resulting in a local 

source of hydrogen. Hydrogen has the potential to diffuse into the crack tip and interact 

with the stress field at the crack tip [86,87].  

When the stress at the crack tip is sufficiently high to activate dislocation source, dissolved 

hydrogen easily diffuse in this region, due to the large binding energy with sites in the 

strain field surrounding a dislocation and even more so with the dislocation core [87,88].  

The theoretical hydrogen enhanced diffusion at the crack tips have been shown 

experimentally using secondary ion mass spectroscopy (SIMS), which allowed to observe 

higher concentrations of hydrogen in the region surrounding the tip. [86,87,89] 

The presence of hydrogen in this region can facilitate stress corrosion mechanisms by 

promoting faster anodic dissolution rates of the metal [88,90]. At the same time, hydrogen 
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can enhance the plasticity of the metal [84,91,92], following the same mechanisms 

described for cathodic hydrogen embrittlement and rendering the progression of the crack 

in the metal easier. 

 

 

 

 

 

2.3 WELDING AND THERMO-MECHANICAL SIMULATION 

 

 

In this section, the welding technique used for this project is introduced. In particular, 

the main interest of this chapter is to describe the theory behind the welding process 

with a particular attention to the selection of the welding parameters. The simulation 

of the welding thermal history is also introduces in this chapter, with reference to 

previous work in DSS2205 heat affected zones simulations. 

 

2.3.1 Tungsten Inert Gas Welding 

 

One of the most used techniques for welding thin sheets, pipes and foils is the 

Tungsten Inert Gas (TIG) welding, also called Gas Tungsten Arc Welding (GTAW) [93]. 

TIG is an arc welding technique, which means that relies on the generation of an 

electric arc between the working piece (anode) and the electrode in the welding torch 
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(cathode). The electrode is a non-consumable tungsten electrode [94]. A column of 

highly ionized gas carries the electrical energy applied with a power supply between 

the two electrodes, which is isolated from atmospheric contamination by the use of an 

inert shielding gas. A TIG weld can be either autogenous (the material of the working 

piece itself is melted and used for the joining) or with a filler material, melted in 

between the arc and deposited in the weld pool [6,77,95]. A sketch of a typical set-up 

is shown in Figure 18. 

 

Figure 18 - Sketch of a TIG welding set-up. Welding torch (A) and Filler rod (B). 

Different shielding gases can be used during welding. In particular, the choice of the gas is 

mainly oriented by the desired interaction of the gas itself with the chemistry of the weld 

[64,93]. Addition of nitrogen in the shielding gas, for the duplex grades, results in increased 

content of nitrogen in the weld, favouring the precipitation of austenite during cooling 

[64,93][96]. Irrespective of the gas used, when two completely separated pieces are 

welded together, the gas must be purged both around the welding torch and beneath the 

welding bead, at least until the base of the weld connecting the two pieces (called weld 

root) is completely solidified (backing gas). 

2.3.1.1 Welding Parameters 
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When designing the welding procedure, the most important parameter to define is the 

heat input delivered to the material by the welding process. The amount of heat 

transferred is a result of the current applied to the torch and the travel speed of the torch 

across the welding piece. The relation between these parameters is defined by Equation 2, 

contained in the BS 4515-2-1999 standard [5], where Q (kJ/mm) is the heat input, V the 

voltage and I the current applied by the welding torch, v (mm/min) the travel speed of the 

torch: 

 

The ideal condition for a welded microstructure is to reproduce the 50:50 balance of 

austenite and ferrite of the solution annealed 2205 grades [97]. Practically, this result is 

difficult to achieve. Slow cooling rates (high H.I.) promote the formation of austenite but 

also the precipitation of intermetallic compounds, while fast cooling rates (low H.I) 

prevents the diffusion-controlled formation of austenite in the desired fraction. The 

optimal cooling time between 1200°C and 800°C, Δt12/8 lies between 4 s and 15 s 

[4][6,98]. The corresponding heat input can be only estimated as the geometry of the  

weld  and  the  thickness of the  material, which  acts as a  heat sink, require  to be 

considered. Nomograms as the one shown in Figure 19 are used to have an 

estimation of the heat input. 
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Figure 19 - Nomogram for the conversion of the Cooling rate in a heat input for a single pass weld on a large 

plate of known thickness. Adapted from [99]. 

Another parameter that can influence the final phase balance is the chemical 

composition of both the shielding and backing gas. The main purpose of these gases is 

to isolate the welding region from atmospheric gases and humidity, in order to prevent 

oxidation and formation of other defects. However, the addition of nitrogen in the 

shielding gas can be used to raise the concentration of nitrogen in the weld and, so, 

promote the austenite formation [64,93]. 

2.3.1.2 Weld Simulation and Corrosion Properties 

 

Several authors have used physical simulations of DSS welding and subsequent corrosion 

testing. The effect of the chromium nitride in simulated HAZ and the beneficial effect of 

increasing reformed austenite has been shown with this method from Liou et al. 

[43,99,100]. In their work, corrosion testing was performed by means of polarization in 

3.5% NaCl solution at different temperatures and exposure of U-Bend samples in 40% CaCl2 

solution at 100°C. They found that the higher nitrogen and cooling rates are beneficial to 



 
 

63  

avoid nitride formation. Further, in their work, SCC cracks in the HAZ progressed 

intergranularly when grain boundary austenite (GBA) was present, while they progressively 

assumed transgranualar character whit increasing amount of intergranular austenite (IGA) 

and Widmanstaetten austenite (WA). In particular, they have shown how the latter have 

beneficial effects in blocking and deviating the crack progression (see Figure 20). 

 

Figure 20 - Effect of IGA and WA on the crack deviation. SCC test in 100C CaCl2, cross section (image from[43]l ). 

The most extensive correlation of the Δt800/500 cooling intervals with the pitting 

resistance of the HAZ has been proposed by Yang et al [101], who compared the effects of 

cooling with the type and fraction of austenite reformed and, for each condition, measured 

the pitting resistance of the different microstructures. Their results have shown a direct 

increase in pitting resistance with the content of reformed austenite but, in particular, with 

the progressive replacement of grain boundary austenite with intergranular and 

Widmanstaetten austenite. This result is achieved by longer cooling times and the effect 

reflects on the pitting potentials as shown in Figure 21. 
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Figure 21 - Polarization curves in 3.5%NaCl at 30C for different simulated heat affected zones, distinguished by 

the 800-500C cooling time [101]. 

Combining the results of the previous two studies, the detrimental effect of grain boundary 

austenite seems recurrent. Considering the thermal route that causes the formation of 

GBA, it seems important to highlight that the fast cooling has effects also on the chemical 

composition of the austenite in this morphology. 

An extensive study of the chemical partitioning in the different austenite forms has been 

proposed by Yang et al [101] and by Zhang et al [21], who have characterized by means of 

energy-dispersive X- ray spectrometry the local chemical composition of the GBA and 

compared it with the IGA and the WA [42]. They have consistently found increased amount 

of Cr in the GBA and WA that showed therefore higher PREN number, while the IGA shows 

lower PREN (see Table 2). 
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Table 2 - Chemical composition of Ferrite, GBA, WA and IGA with different cooling time [101]. 

 

The effects of hot deformation in cast duplex have been studied by Fan et al. [102], who 

correlated the ferrite and austenite recrystallization in the case of large deformations 

(ε=50%) and slow strain rates, which is a situation often encountered in metals forming 

[103–106]. The resistance to deformation drops with the processing temperature, as 

shown in Figure 22. 

 

Figure 22- Resistance to deformation and deformability change with temperature. 



 
 

66  

When large hot deformation occurs, phase boundaries need to deform in order to 

assure the continuity of the material. An extensive study on the phase boundaries 

character before and after hot deformation has been proposed by Piñol-Juez et al. 

[107], who described the δ/γ boundaries mobility at 1000C with torsion tests. Their 

work, however, is not correlated with stress corrosion cracking properties of the 

deformed material. 

One of the aims of this project is to develop microstructural descriptors and correlate 

them to the SCC/HE behaviour. In order to understand not only the role of the thermal 

history but also of the residual stress on the welded microstructure, thermo-

mechanical simulations can be performed. An example of physical  thermo-mechanical  

simulator  the  Gleeble
®   

system. The same principles described for welding apply in 

the simulation. However, not only the local control of the temperature during the 

simulation is more accurate, but also external stress can be more easily applied. 

In fact, two parameters can be controlled with the Gleeble
® 

system: the 

time/temperature profile and the stress applied to the sample. It is known that stress 

has a great influence on recrystallization in metals and on grain boundaries energy and 

mobility [105]. The stress applied in this system can be either tensile or compressive 

and an example of the sample geometry is shown in Figure 23. 
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3 EXPERIMENTAL TECHNIQUES 

 

This chapter offers an overview of the research techniques used throughout the project. 

Details of how these techniques have been used are presented in the manuscripts, while 

this chapter describes their working principles and the theory behind. 

3.1.1 Characterization techniques   

 

3.1.1.1 SEM based techniques 

The scanning electron microscope (SEM) is a type of microscope that uses a focused beam 

of electrons to produce an image of the investigated surface. Different electron sources can 

be used in a SEM and field emission guns (FEG) equipped all the SEMs used for the work 

presented in this thesis. This type of emitters present several advantages with respect to 

thermoionic sources, with the higher beam intensity and the smaller beam diameter being 

the most notable [108][109]. As a result, FEG-SEMs can achieve higher imaging resolution 

while providing higher beam current when elemental and diffraction techniques are used.  

The interaction between the electron beam and the atoms in the sample produce a variety 

of signals, which can be used to gather information on the sample topography and on its 

chemical composition. Backscattered electrons (BSE) are high energy electrons (i.e. >50eV) 

resulting from the elastic interaction of the primary electrons forming the beam (PE) with 

the atoms in the sample. Images acquired in this mode have contrast dependent on the 

atomic number of the elements forming the sample. Secondary electrons (SE) are low-

energy electrons (<50eV) generated by inelastic scattering of the primary electrons with 

the electrons of the atomic shell. The emission intensity of these electrons is strongly 
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influenced by the topography of the sample surface. The ejection of a secondary electron 

from the inner shell of an atom leaves a vacancy in the electronic structure, which is readily 

filled by an electron from an outer shell. The difference of energy between the outer and 

the inner shells is released in the form of an X-Ray, which has unique energy and 

wavelength characteristic of the emitting element and transition level (Characteristic X-

Ray) [110].    

 

3.1.1.1.1 SEM-EDX 

 

Energy-Dispersive X-Ray spectroscopy (EDX) is an analytical technique used for elemental 

characterization of samples in the SEM. Characteristic X-Rays are collected in a dedicated 

detector and their energy and intensity used to provide a semi-quantitative chemical 

analysis of the sample.  In a conventional EDX setup, the detector is protected by a 

beryllium film (window), used to maintain the vacuum and to prevent contamination 

[111][112]. Low energy X-Rays emitted from light elements are absorbed by the window, 

rendering the quantification of these elements less accurate. Further, accurate 

quantification of light elements is limited by the presence of adventitious carbon and 

oxygen in the SEM chamber. The detection limit of light elements is partially overcome by 

the development of “Window-less” detectors, that allow for low voltage SEM operation 

and identification of light elements (such as, lithium and nitrogen). 

3.1.1.1.2 SEM-EBSD 

EBSD (Electron Backscatter Diffraction) is a microstructural-crystallographic technique used 

for microstructure characterization of crystalline materials. Incident electrons diffracted by 

the sample surface are intercepted by a phosphorus screen, where the figure of diffraction 

– called Kikuchi pattern – is recorded by a camera [113][114,115]. The bands visible in the 
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pattern correspond to electrons that escaped the material close to the Bragg condition and 

their relative position is used to determine the crystallographic structure of the diffracting 

material – see Figure 23. 

 

Figure 23 - Sketch showing the Kikuchi pattern formed by beam diffraction [113]. 

The Kikuchi patterns corresponding to each spot investigated on the surface contain 

information on the lattice parameters and orientation of the grains forming the surface 

investigated. EBSD scans are conventionally shown as color-coded 2D maps, where the 

resolution of the map is determined by the spot-size parameters used in the EBSD 

acquisition. 

3.1.1.2 Electrochemical techniques 

 

3.1.1.2.1 Galvanostatic polarization 

Galvanostatic polarization [116] is a two electrodes technique, where the electrochemical 

reactions occurring in the cell are controlled by a constant applied current. The setup 

consists of a direct current power supply connected to the sample (cathodic polarization) 

and to a platinum electrode (anodic polarization). The cell is completed by the electrolyte, 
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where both electrodes are immersed. During galvanostatic measurements, the 

electrochemical potential of the sample is free to change according to the reactions 

developing in the cell. 

 

3.1.1.2.2 Potentiodynamic polarization and micro-cell 

Potentiodynamic (PTD) polarization is a technique performed in a three-electrodes cell 

where the electrochemical potential of the sample investigated (working electrode) is 

varied with respect to a reference electrode of known potential and the current developing 

on the sample is measured. The potential/current diagrams produced with this technique 

are often referred to as Evan’s diagrams and they contain useful information on the 

corrosion behaviour of the metal analysed. The polarization curved used in this project 

have been acquired using a microcell that was preferred over a conventional setup due to 

the ease of perform measurements over a small area. A sketch of the microcell is shown in 

Figure 24. 

 

Figure 24 - Sketch of the microcell used for electrochemical measurements [117]. 

3.1.1.2.3 Scanning – Kelvin Probe Force Microscopy (SKPFM) 

Scanning Kelvin Probe Force Microscopy (SKPFM) is an AFM-based characterization 

technique used for local measurements of the Volta potential (ψ) at the surface of the 
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investigated samples [118,119]. The potential measured [120] provides an indication of the 

practical nobility of different regions of a surface, with the values measured as the 

difference in Fermi level between the electrons from the sample surface and the ones at 

the tip of the platinum-coated scanning probe (which effectively acts as a reference 

electrode). A diagram of the SKPFM setup is shown in Figure 25. 

 

Figure 25 - Sketch of the AFM-SKPFM with electrical equivalent circuit [121]. 

A quantitative correlation between SKPFM measurements and electrochemical potential of 

metals requires a careful calibration for each electrolyte investigated [122]; qualitatively, 

the relative nobility of features measured in the SKPFM reflects the scale of 

electrochemical potentials, allowing for identification of corrosion susceptible areas. From 

a semi-quantitative point of view, the difference in ψ function (Δψ) between metallic 

phases or inclusion provides a local estimation of the anodic/cathodic character and, as a 

result, the different corrosion propensity [39,123]. 
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4 EXPERIMENTAL RESULTS 

 

4.1 PRODUCTION AND CHARACTERIZATION OF A REFERENCE WELD 

 

The reference weld has been produced with at the TWI (The Welding Institute) 

facilities in Cambridge. Following the principles discussed in the literature review, the 

welding procedure specifications (WPS shown in Table 3) have been formulated for the 

purpose of this project and it is therefore slightly different from the industry practise. 

Some details of the welding procedure: 

 Shielding/backing gas – the weld was performed in Argon environment, in order to 

avoid absorption of nitrogen from the environment in the weld [64]. This choice 

was motivated by the need to observe the spontaneous austenite reformation as 

driven by the thermal history rather than by the addition of nitrogen; 

 Filler metal – the filler metal used was a 2205grade supplied from Metrode. The 

choice of a filler of the same metal was dictated by the need to compare the 

microstructure of the weld with the thermo-mechanical simulations, where 

additional nickel from an over-alloyed filler material would not be reproducible; 

 Heat input – different heat input was used for the root pass and the intermediate 

passes, with the root performed at 1.5kJ/mm and the intermediate passes at 

1.2kJ/mm; 

 Pre-heating – the pipe sections were not pre-heated before welding; 
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The reference weld has been performed between two sections of a grade 2205 duplex 

stainless steel seamed pipe with wall thickness of 9.2 mm and internal diameter of 406.4 

mm (16 inches) – see Figure 26. The composition of the 2205 duplex stainless steel alloy is 

listed in Table 3. Tack welding (intermittent welding of small pins between the two welding 

pieces) has been manually made to keep the two pipe sections in place. A semi-automated 

set up has been used, with the torch hold in a fixed position and the pipe sections in 

rotation. 

 

Figure 26 - Sketch of the girth weld used for the project with dimensions. 
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Table 3 - Welding procedure specifications. 
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4.1.1 Microstructure Characterization  

 

The initial steps of the characterization have been done using optical microscopy and 

chemical or electro-chemical etching. A section of the pipe has been cut with an automatic 

saw and smaller samples of the weld and heat affected zone cut from it with a cutting 

wheel. The reference weld with the welding passes numbered from 0 to 6, is shown in 

Figure 27. Pass “0” is commonly called “root pass”. This is the pass that closes the bottom 

of the welding bead and provides the joining of the two welding pieces. Pass “6” is called 

“weld cap”, this is the pass that closes the welding process. It shows macroscopic 

differences, due to the different cooling route – the molten material is more exposed than 

in the inner passes – and to the single thermal cycle – there is no reheating, as there are 

not further passes over it. 

 

Figure 27 - Cross section of the reference weld, the seven different passes are labelled in the picture. Material 

etched in Glyceregia. 
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4.1.1.1 Etching Procedures used in the project 

 

In order to observe the microstructure using optical microscopy, different etching 

techniques [124] have been applied on specimens cut from a section of the pipe. The 

different etching conditions highlight different features of the material and they will be 

used in different situations throughout this work. Details of the three etching 

procedures are defined in Table 4. 

Table 4 - Etching methods for duplex stainless steels. 

Name Type of Etching 
Electrolyte 

Composition 

Etching 

Condition 
Features Highlighted 

Oxalic Electroetching 10% wt. H2C2O4 5V, 6-60s σ-phase , carbides 

Acid 

(ASTM A-262 

  RT 

(15–30 s), 

grain delineation (45–60 

[125])    s) 

Sodium 

Hydroxide 

Electroetching 20wt.% NaOH 

1-3V, 3-8s 

RT 

Ferrite, 

σ-phase 

(ASTM A- 923 

[126]) 
    

Glyceregia[124] Chemical HCl 15mL 1-3 min Grain Delineation, 

  Glycerol 10mL RT σ-phase, 

  HNO3 5mL  Carbides 
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4.1.1.2 Austenite:Ferrite Ratio Measurements 

 

One of the most important descriptor for characterizing a weld is the austenite:ferrite ratio 

inside the weld, with a target ferrite content below 70% . This can be measured by 

considering a range of methods. In industry, the ferro-magnetic response of material is 

measured, for example, by using the magnetic induction method. This method relies on the 

different magnetic properties of the ferrite, ferromagnetic, and the austenite, 

paramagnetic [17], and provides an instantaneous measurement. 

Another test method which is widely used is the one proposed by the E-562 ASTM standard 

[127], which describes a manual point-counting technique. This method requires the 

preparation of a test grid, made of equally spaced points in either a circular or a square 

array, and the preparation of some materials micrographs on which the grid is 

superimposed (see Figure 28). Counting the points falling in each phase or in the grain 

boundaries, the average percentage of grid points on the features of interest provides an 

unbiased statistical estimation. 

When duplex stainless steel is electrolytically etched in NaOH or KOH – or any other 

etching method that stains one of the two phases - a clear contrast between the two 

phases is visible in optical microscopy observations. This effect can be easily used to 

estimate the austenite:ferrite ratio by means of image analysis. A first attempt has 

been done using a common imaging software – ImageJ® [128].By converting the image 

in a black and white binary format, the contrast between the two phases is enhanced 

and the ratio of the image occupied by each of the two colours can be easily calculated 

by the software. A colour threshold in terms of RGB (red, green, blue) values must be 

imposed on the image in order to convert the brightest phase in white and the darker 

in black. However, the value imposed differs for each specific image. In fact, the 
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variability of the differences in colour, brightness or relative contrast between the 

phases need to be addressed each time. 

 

Figure 28 - Comparison of point counting and image analysis methods. 

The ASTM-E562 points counting method and the image analysis method will be used to 

estimate the phases fractions of specific parts of the weld in the following paragraphs. 

Three regions have been chosen to show how these two methods can be used on different 

microstructures in the weld. The three regions are, namely, the parent material, the heat 

affected zone and an intermediate pass inside the weld, pass 1. The results of both the two 

methods are summarized in Table 5. 

The pipe used for the reference weld is a seamed pipe. This type of pipe is 

manufactured from a flat plate, bended in a cylindrical shape and then welded at the 

extremities. So, the rolling lines from previous fabrication processes are maintained – 

see Figure 29. The austenite fraction and the distribution are homogenous, with thin 

elongated plates occupying 43 to 47% of the volume according to the different 

estimation methods 
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Figure 29 - Micrograph of the parent material after KOH etching. 

The austenite:ferrite ratio in the heat affected zone, shows an increase in the ferrite 

content with respect to the parent material. The thermal cycle experienced by the alloy in 

this position causes the growth of the ferrite grains with the dissolution of the austenite 

when the A4 temperature is approached, followed by austenite re-precipitation – see 

Figure 30. 

 

Figure 30 - Micrograph of the HAZ after KOH etching. 

The root and the intermediate welding passes experience a complex thermal history during 

the welding process. In fact, after the first solidification of the filler material, the same 
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material will be heated again during the welding as the consecutive passes are performed. 

As a result, the microstructure in the weld is strongly inhomogeneous even though an 

orientation that follows the thermal gradient – from the root to the weld cap -is visible 

(circled in Figure 31). 

 

Figure 31 - Micrograph of the weld pass 1 after KOH etching. 

More in depth, the austenite in the intermediate passes shows a variety of morphologies. 

The microstructure can be simplified in elongated plates following a dendritic-like 

solidification with smaller austenite plates growing in between. 

The small dimensions – an average of 11 x 12 µm2 – of the austenite plates within the 

dendrites make the phase ratio estimation more difficult with the imaging software. In fact, 

the phase boundaries – dark after etching – occupy a relevant part of the picture. 

According to the ASTM E-562 method for the phase ratio estimation, in the points counting 

procedure this limit is overcome by considering the points falling on the phase boundaries 

as equally shared between the two phases. 

With the imaging software procedure, the space occupied by the phase boundaries in the 

binary optical images has been treated in a similar way. The image has been converted in 

black and white considering the phase boundaries belonging once to the austenite and 
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once to the ferrite. This give two different phase ratios - with the boundaries attributed in 

one to the ferrite and in the other to the austenite; the average of the two austenite:ferrite 

ratios is then considered as the result of this measurement. The binary image in the two 

cases is reported, for the purpose of clarity in Figure 32. 

 

Figure 32 - Binarized images of the weld microstructure for phase ratio estimation with different colour 

threshold. 

Table 6 summarizes the results of the two methods for the three regions discussed. For the 

ASTM E- 562 points counting technique, an average of three measurements has been 

considered, with the maximum and minimum values also reported. 

Table 5 - Ferrite:austentie ratio in different regions of the weld measured with different techniques. 

 

Method  Region  

  Parent Material Heat Affected Zone Intermediate pass 

ASTM E-562 43:57 62:38 58:42 

(average 

meas.) 

of 3 (max 53:47, min 

59:41) 

(max 65:35, min 

59:41) 

(max 60:40, min 

56:44) 
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Image Analysis 55:45 64:37 56:44 

4.1.1.3 Micro-Hardness 

 

The Vickers microhardness has been measured with a CSM instrument’s Micro-

Indenter (MHT) tester, equipped with a Vickers indenter, on a section of the weld 

ground up to 4000 grit emery paper and polished with diamond paste up to 1 µm. 

Measurements have been taken in different regions and repeated four times with a 

minimum distance between two measurements of 250 µm. Results are summarized in 

Table 6. The load time was 10 seconds and the load 10 N. This technique has been 

preferred over a macrohardness measurement because of the possibility to position 

the indenter on specific regions of the weld. In particular, the regions measured are 

the cap weld, the heat affected zone, the parent material and inside the weld on an 

intermediate pass (see Figure 33). 

 

Figure 33 - Weld cross section with region labelled. 
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Table 6 - Microhardness of different regions of the weld. 

Region  A (Weld 

Cap) 

B (HAZ) C (Weld 

centre) 

D (Parent mat.) 

Hardness (avg.) 269 212 215 252 

(HV10N) (max.) 285 242 223 258 

 
(min.) 252 197 203 241. 

The microhardness measurements showed little variation in the different regions of the 

weld, with lower values in the weld and slightly increased hardness in the weld cap. In 

particular, hardening in the HAZ was not revealed. In order to verify these results, the 

hardness across the HAZ has been measured also with nanoindentation [129–131], 

providing higher resolution of the hardness profile by using a 100 nm spacing. 

 

Figure 34 - Nanohardness profile across the weld HAZ. 

Similarly to what noticed with micro-hardness, there was no noticeable hardness increase 

in the HAZ. Slightly lower hardness was notice inside the weld also in this case – the 

nanohardness profile is shown in Figure 34. 

4.1.1.4 XRD Residual Stress 

Residual stress is often present in the materials after manufacturing. Stress can have 

different origins and in duplex steels the different mechanical properties of the two phases 
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give rise to an inhomogeneous stress distribution [132]. When the alloy is welded, also 

thermal stress are generated in the weld pool and in the heat affected zone and the stress 

distribution takes into account the influence of both the two contributes [133]. 

 

Figure 35 - sin2ψ method for residual stress estimation. Sketch of the lattice distance for the plane (hkl) against 

sin2ψ. 

The principle for measuring the residual stress with XRD is based upon the distortion of the 

lattice parameters with respect to non-stressed conditions. In fact, when residual tension 

(or compression) is present in a metal, the atomic lattice spacing “d” increases (or 

decreases). To calculate a bi-axial (X, Y) stress – which means that the stress in direction out 

of plane (Z) is not described – in a point, the diffraction pattern in that point is collected for 

different angles of incidence “ψ”. In what is commonly referred to as “sin2ψ method”, the 

lattice distance is calculated according to the Bragg’s law for each diffraction pattern 

recoded [133–135].The slope of the line describing the variation of the lattice distance d 

with sin2ψ – see Figure 35 - is related to the stress causing the deformation and the 

residual stress can be calculated. 

 

4.1.1.4.1 Residual Stress in the Reference Weld 
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XRD has been used on a section of the weld to measure the residual stress in the weld and 

in the parent material. The information about the residual stress in the parent material will 

be used for the generation of the simulated microstructures with the Gleeble machine. In 

fact, this instrument allows not only to apply a variety of thermal histories to the alloy, but 

also to apply a stress – compressive or tensile – during the solidification. The entity of the 

residual stress will be used as a starting point to design different stress history during the 

treatments, with the aim to induce microstructural changes. The sample has been cut, 

grinded and polished with diamond paste. A further polishing with OP-S has been 

performed for 45 minutes in order to relief part of the mechanical stress caused by the 

surface preparation, which tends always to leave compressive stress in the near-surface 

layers. The diffraction patterns has been produced with a Proto18 diffractometer and then 

analysed with the ProtoXRDWin software. Because of the different interplanar spacing, 

patterns for the austenite and the ferrite have been formed separately using different X-

rays sources, namely Mn, (λ=2.103) for austenite and Cr (λ= 2.291) for ferrite [135]. 



86 

 
 

 

 

Figure 36 - Detail of the points used for the residual stress estimation with XRD. Stress is expressd with respect to 

the direction system reported in this picture. 

With this set-up, the diffraction patterns have been produced for seven points across a 

6mm long line with a 1mm spacing between each point. Points start from the centre of 

pass “1” and extend to the parent material – see Figure 36. The aim of these 

measurements was to compare the residual stress in a weld and in the parent material, so 

the measurement follow a line from the centre of the weld in pass “1” to the parent 

material. For each point, the diffraction pattern are collected for both for the (X,Z) and the 

(Y,Z) plans, which means that residual stress can be calculated in the X and Y direction – 

which are described in Figure 36. 

The points in the right part of the graphs in Figure 37 and Figure 38 – 4, 5 and 6 millimetres 

– describe the residual stresses in the parent material – which, according to the 

micrographs produced, is rolled in the X direction. In the Y direction, for this region, the 
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stress in the ferrite and in the austenite is complementary and balanced, with residual 

tensile stress in the ferrite and compressive in the austenite. Among the rolling direction X, 

residual stress in the austenite seems to be null in the austenite while a compressive state 

of stress is measured in the ferrite. The measurements inside the weld are less consistent. 

Namely, the error bars in some point are comparable or even bigger than the actual 

calculated intensity – making many of the values comparable to zero – and some other 

values are below the accuracy of the technique itself (100 MPa). On average, it seems that 

the multi-pass welding, where a welding pass is subject to multiple thermal cycles, leave a 

microstructure with less mainly compressive residual stress. 

 

 

Figure 37 - Residual stress in austenite (black) and ferrite (red) in the weld and in the parent material. 
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Figure 38 - Residual stress in austenite (black) and ferrite (red) in the weld and in the parent material. 

The plots suggest that in the X direction, a shift from the general compression state in the 

parent material and an almost stress-free microstructure in the weld occurs in the heat-

affected zone. The HAZ experiences high temperatures, with a maximum peak of 1300-

1350°C. Further, the microhardness measurements have indicated a reduction in the 

hardness of this region, while optical micrographs show growth of the ferrite grains in the 

HAZ, with reduction of the austenite content. This information suggest that the 

compressive stress in the ferrite and the thermal stress from the welding process and the 

melt solidification, are balanced in the HAZ by the dynamic recrystallization of the ferrite 

grains, even though this aspects need further observations. An extensive mapping of the 

ferrite grains size in the HAZ will be possible with the EBSD maps, while the reduction in 

hardness- which is expected as a consequence of the reduction in dislocations and other 

defects due to the recrystallization – will be confirmed with nanohardness map in the same 

region. 
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4.1.1.5 Conclusions 

The welding procedure used for the production of the reference weld had peculiar 

requirements, aimed to provide an HAZ microstructure comparable with the thermo-

mechanical simulation that have been used in other parts of the project. 

The resulting weld showed significant defects, with the incomplete closure of the weld root 

being the most notable. The samples used throughout the project were cut in order to 

avoid this region of the weldment.  

The thermal parameters were selected with the intention to avoid sigma- and chi- 

precipitation. The absence of tertiary phases was verified on the tensile samples used in 

the project by means of optical microscopy on polished samples and, where possible, EBSD.



90 

 
 

 

 

4.2  MANUSCRIPT 1 – “EFFECT OF LARGE HEAT INPUTS ON THE AUSTENITE 

MORPHOLOGY  IN GLEEBLE SIMULATED HEAT AFFECTED ZONES” 

Journal proposed: Welding in the World 

 

P. Reccagnia, Q. Lub, M. Gittosb, D.L. Engelberga 

a Corrosion and Protection Centre, University of Manchester, UK 

b The Welding Institute TWI, Cambridge, UK 

 



91 

 
 

 

4.2.1 Abstract 

 

Duplex stainless steels (DSSs) , characterized by a microstructure with equal fractions of 

austenite and ferrite, are widely used for structural applications in the oil and gas industry, 

where high strength and corrosion resistance are required. Arc welding is often used for 

joining large structures, such as the pipelines; the process affects the microstructure 

morphology and the composition of the duplex alloy, reducing the SCC resistance in the 

heat affected zone (HAZ) of the weld. This paper addresses the influence of arc welding on 

the austenite morphology in the HAZ. 

Thermo-mechanical simulations of the HAZs corresponding to single-pass welds performed 

using different heat inputs (HI) have been produced using a GLEEBLE3500 furnace. 

Austenite in the HAZ has been characterized using Electron Back Scattered Diffraction 

(EBSD) and the fraction of grain boundary austenite (GBA), intergranular austenite (IGA) 

and coarse austenite grains clusters (CA) measured as a function of the HI. The results 

showed a significant fraction of GBA at lower heat inputs, leaving place to CA at longer 

cooling rates where precipitation of tertiary phases was also observed. 
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4.2.2 Introduction 

Duplex stainless steel (DSS) grade 2205 is widely used in the energy industry because of its 

high strength and remarkable corrosion resistance [1-3].  The dual phase microstructure, a 

balanced ratio of austenite (γ) and ferrite (δ), provides this grade with outstanding 

resistance to environmentally-assisted cracking (EAC). Arc Welding can alter the original 

phase balance and produce further crystallographic phases, such as sigma (σ) and chi (χ) 

phases, and precipitates, for example chromium nitrides, CrN/Cr2N [4,5]. 

Further, the morphology of the constituent phases in the welds heat affected zone shows 

great differences compared to the parent material as a result of the applied thermo-

mechanical history [6,7]. This region often shows increased ferrite fraction and larger 

ferritic grains, while the reformed austenite is distributed as a combination of grain 

boundary austenite – forming at the grain boundaries between adjacent ferrite grains, GBA 

– and intragranular austenite – forming within individual ferrite grains, IGA [8].    

The aim of this paper is to provide a description of the austenite morphology changes 

associated with increasingly large heat inputs in the case of single-pass TIG welds. To do so, 

simulated heat affected zones for different heat inputs have been produced using a 

GLEEBLE 3500 thermo-mechanical simulator [6,8,9] on a DSS2205 grade. Electron 

backscattered diffraction (EBSD) was used to characterize the microstructure in the HAZs 

and to quantify the fraction of different austenite types for each heat input. Chromium (II) 

Nitrides were observed for the larger heat inputs and their corrosion behaviour was 

characterized using a combination of Scanning Kelvin Probe Force Microscopy (SKPFM) and 

accelerated atmospheric corrosion tests. 
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4.2.3 Methodology 

4.2.3.1 Thermal treatments 

The material used was a grade 2205 duplex stainless steel ((22.0Cr, 5.1Ni, 2.48Mo, 1.77Mn, 

0.022C %wt. and Fe to balance) in the form of 100 mm long cylinders with 10mm diameter 

EDM cut from a 40 mm thick pipe wall. The thermal cycles were applied using a 

GLEEBLE3500 thermo-mechanical simulator, with both the heating and the cooling 

performed in air. Temperature was controlled with a thermocouple spot-welded at the 

centre of the samples. For each treatment, the material was heated to a peak temperature 

of 1350 °C, with a 135 °C/s heating rate, and the peak temperature was held for 1 s. The 

cooling rate was varied to represent different heat input, as summarized in Table 1. The 

cooling intervals were calculated following the relation shown in the following equation: 

Equation 1 

  

Where Q is the heat input (kJmm-1) d is the plate thickness (mm), and k is the thermal 

coefficient (25.52 Jmm-2s-1/2  for DSSs). Three values of H.I. were used, namely 1, 1.5 and 2 

kJ/mm. 

 

Table 1 - Cooling intervals used to simulate the HAZ of welds with different heat inputs. 

Δt1200/800 (s) Δt800/500 (s) Heat Input 

(kJ/mm) 

11.5 20 1 

23 40 1.5 
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40 70 2 

 

 The purpose of the simulations is to investigate austenite evolution approaching the upper 

limit of acceptable heat inputs for duplex. To do so, the CCT curves for sigma and chi 

precipitation were calculated with JMatPro® and the treatments selected to reproduce 

both precipitates free microstructures and a microstructure with potential chi 

precipitation. The CCT curves for sigma and chi formation are shown in Figure 39, where 

the applied thermal treatments are also shown for reference. 

 

Figure 39 - Cooling profiles of the simulated heat affected zones and CCT curves for sigma and chi phases 

formation (1% fraction). 

4.2.3.2 Microstructure Characterization 

The microstructure of the as-received (AR) and treated samples has been characterized by 

means of Optical Microscopy (OM) and Electron Back-Scattered Diffraction (EBSD). Samples 

have been cut and wet-ground with silicon carbide papers (up to 4000 grit) and polished 

with diamond paste (up to 0.25um) followed by 30 minutes fine polishing in OP-S alkaline 
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colloidal silica solution  from Struers (20-40 nm particles size, 45 minutes). EBSD maps have 

been produced in a FEI Sirion FEG-SEM (Field emission gun scanning electron microscope) 

equipped with a HKL Nordlys EBSD detector from Oxford instruments, using 500nm step 

size and 20kV accelerating voltage, over a 0.6 x 0.6 mm area. Data were analysed with HKL 

Channel 5 software from Oxford instrument. Semi-quantitative EDX (Energy-Dispersive X-

Rays spectroscopy) measurements of the individual phases chemical composition were 

performed in a Zeiss Sigma VP FEG-SEM equipped with a X-Max SDD (Silicon Drift Detector) 

EDX detector with a 150mm2 window from Oxford Instruments. 15 Spectra for each phase 

(106counts) were acquired in different locations of the sample at 15kV accelerating 

voltage. 

4.2.3.3 Austenite Morphologies 

Different austenite morphologies have been grouped in three categories according to their 

relation with the neighbour ferrite grains. I) Intragranular austenite (IGA) has been defined 

as austenite plates grown within an individual ferritic grain;ii) Grain boundary austenite 

(GBA) was the name used for elongated austenite plates growing continuously along a 

ferrite:ferrite boundary and separating completely the two grains;iii) Coarse austenite (CA) 

was the name used for larger austenite plates growing across multiple ferrite grains and 

not following any specific grain boundaries. An example of this classification is reported in 

Figure 40  where the austenite is shown in red and the ferrite in IPF colours. 

In order to quantify the fraction of each type, a modified version of the points counting 

technique has been used. A 11x11 points squared grid was overlapped on the EBSD maps 

allowing for unbiased identification of the austenite type, due to the crystallographic 

information on the surrounding ferrite. 
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Figure 40 - Examples of the classification proposed using the EBSD maps. To enhance the contrast, austenite 

phase is shown in solid red and ferrite grains in IPF colours.(A) intragranular austenite (IGA), (B) grain boundary 

austenite (GBA) and (C) coarse austenite (CA). 

4.2.3.4 Precipitates Characterization  

Sign of precipitates at the ferrite:ferrite boundaries in the 1.5kJ/mm and 2kJ/mm 

treatments were investigated. Elemental analysis was performed using low-voltage (2kV) 

windowless EDX; spectra were acquired in a Zeiss Merlin FEG-SEM equipped with a X-Max 

Extreme detector from O.I. SKPFM Volta-potential surveys were used to inform on the 

relative nobility of the precipitates; map were acquired using a Dimension D3100 AFM from 

Brucker with OSCM-PT Platinum coated tips (<25nm tip radius). Data were analysed using 

Nanoscope v1.5 software, from Bruker. 

Atmospheric corrosion under chloride bearing deposits has been used as a corrosion test to 

correlate the relative nobility information gathered with SKPFM with performance in a 

specific corrosion environment of practical interest. The samples, ground and polished (up 

to 0.25 um) have been exposed for 48 hours to droplets (1 µL) of 0.1M MgCl2, resulting in a 

deposition density of 400 µg/cm2. The samples were kept for two days in a furnace at 80 °C 

enclosed in an air-tight container with a reservoir of saturated MgCl2 , providing 

approximatively 30% relative humidly (i.e. the deliquescence humidity of MgCl2). After 

exposure, the samples have been washed with deionized water and then polished for 15 

minutes with OP-S colloidal silica solution. SEM micrographs have been used to 
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characterize the corrosion attack and EDX was used for phase discrimination during 

imaging. 

4.2.4 Results 

4.2.4.1 Microstructure Characterization and Austenite morphology 

The EBSD phase maps for the as received material and for the three simulated HAZ are 

shown in Figure 41. The austenite content, as expected increased with the increasing heat 

input due to the longer cooling time in the 1200-900°C interval, where most of primary 

austenite reformation occurs. 

 

Figure 41 - EBSD phase maps for the as-recevied material and for the thermal treatments applied. Ferrite in blue, 

austenite in red. 
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The effect of the thermal treatments is also observed in the chemical composition of 

austenite and ferrite for the different thermal treatments. With respect to the AR metal, 

the partitioning of bcc and fcc forming elements in their preferential phases occurs to a 

lesser extent, due to the relatively fast cooling. As a result, the time spent by the alloy in 

the temperature regime where diffusion of substitutional alloying elements occur is 

shorter. This effect is more marked for the 1 kJ simulation, where the fastest cooling rate in 

the 1200-900 °C is applied. The results of the EDX elemental analysis are summarized in 

Table 7. 

Table 7 - Chemical composition of austenite and ferrite for the different microstructures. ZAF corrected EDX 

quantification. 

FERRITE AUSTENITE 

Wt. % AR 
1 

kJ/mm 

1.5 

kJ/mm 

2 

kJ/mm 
Wt. % AR 

1 

kJ/mm 

1.5 

kJ/mm 

2 

kJ/mm 

Cr 
24.1 

±0.1 

22.7 

±0.6 

23.2 

±0.5 

23.2 

±0.3 
Cr 

21.1 

±0.1 

21.3 

±0.6 

20.8 

±0.5 

20.9 

±0.5 

Mo 
3.7 

±0.1 

3.5 

±0.2 

3.6 

±0.2 

3.6 

±0.2 
Mo 

1.8 

±0.1 

2.7 

±0.2 

2.6 

±0.2 

2.5 

±0.2 

Ni 
4.2 

±0.1 

4.9 

±0.4 

4.7 

±0.4 

4.8 

±0.4 
Ni 

6.7 

±0.1 

6.2 

±0.4 

6.8 

±0.4 

6.7 

±0.4 

Mn 
1.6 

±0.1 

1.6 

±0.1 

1.5 

±0.1 

1.6 

±0.2 
Mn 

1.8 

±0.1 

1.7 

±0.1 

1.7 

±0.1 

1.7 

±0.1 

The distribution of austenite in the treated microstructures shows significant differences 

depending on the cooling time applied. Austenite in the 1kJ treatment is characterized by 

significant austenite formation at the ferrite:ferrite grain boundaries (GBA) and 

intragranular austenite formation (IGA). Some of the intragranular austenite, growing as 

side plates from the GBA, can be categorised as “widmanstaetten” austenite (see Figure 
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42); this particular austenite type is characterized by a Kurdjumov-Sachs orientation 

relationship with the surrounding ferrite and it is easily highlighted in the EBSD maps as 

shown in Figure 42. For the purpose of this estimation, WA has been assimilated to IGA, 

with the fraction of K-S boundaries for each microstructure shown in for indication. 

 

Figure 42 – K-S phase boundaries (in green) between austenite (red) and ferrite (blue) . 

The 1.5 and 2 kJ/mm treatments showed a progressively reduced content of grain 

boundary austenite and intragranular austenite, with the relative frequency of K-S 

boundaries also reduced. Coarser austenite becomes the predominant form of austenite, 

with the larger fraction found in the 2kJ/mm microstructure. Results of the quantification 

are summarized in Table 8. 

Table 8 - Fraction of the different types of austenite in the simulated heat affected zones. 

(from EBSD) 1 kJ 1.5 kJ 2 kJ Parent Material 

Austenite:Ferrite 38:62 40:60 43:57 51:49 

CA 11% 52% 62% 88% 
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GBA 39% 24% 15% -- 

IGA 50% 24% 23% 12% 

K-S rel. freq. 17% 8% 9% 5% 

4.2.4.2 Precipitates 

EDX elemental maps for N and Cr were acquired over the precipitates observed in the 1.5 

and 2 kJ/mm microstructures. An example referred to the 1.5kJ/mm microstructure is 

shown in Figure 43. The SEM image shows clearly the discrete nature of these precipitates, 

decorating the grain boundaries between ferritic grains. The EDX quantification showed a 

N:Cr weight ratio of 8:92, suggesting the precipitates are Cr2N (stoichiometric weight ratio 

12:88). 

 

Figure 43 - SEM image of the chromium nitrides at the ferrite:ferrite grain boundaries of the 1.5kJ/mm 

microstructure. Low-voltage EDX elemental map of nitrogen shown in the detail. 

The electrochemical character of the nitrides with respect to the surrounding ferrite and 

austenite was estimated using SKPFM – see Figure 44. Potential maps were acquired and 

the nitrides showed cathodic character with respect to the ferrite ( ΔΨ = 15-20mV). The 
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austenite, consistently with other works, also showed cathodic character with larger 

potential difference with the ferrite ( ΔΨ = 35-40mV). 

 

Figure 44 - SKPFM Volta-Potential map of the chromium nitrides at the ferrite:ferrite grain boundaries of the 

1.5kJ/mm microstructure. 

The atmospheric corrosion confirmed the anodic character of the ferrite with respect to 

both austenite and Cr2N. Selective dissolution of ferrite was found in the exposed area, 

with the austenite confining the corrosion attack. The nitrides also showed cathodic 

character, with ferrite dissolution surrounding - rather than dissolving - the precipitates at 

the delta:delta boundaries, as shown in Figure 45. 
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Figure 45 - Atmospheric corrosion attack on the 1.5 kJ/mm microstructure, showing the dissolution of the ferrite 

surrounding the chromium nitrides. 

4.2.5 Discussion 

In welding practise, duplex stainless steel welds are in first instance qualified upon their 

austenite fraction and the occurrence of tertiary phases precipitation. While reduced 

austenite fraction is somehow expected in the HAZ, the morphology of the austenite found 

is not routinely assessed [10]. Microstructure morphology, however, also has a significant 

impact on DSSs environment assisted cracking resistance. The phase boundaries between 

ferrite and grain boundary austenite, in particular, have been shown to potentially act as 

preferred cracking path for stress corrosion cracking [8]. 

GBA formation has been shown to be promoted by short cooling rates and a potential for 

the GBA phase boundaries to act as a preferred SCC cracking path has been reported. Large 

heat inputs, instead, promote coarser austenite, suggesting that the use of longer cooling 

time could be beneficial. Longer cooling intervals however pose a threat. Excessive cooling 

time can favour the formation of sigma and chi phases. This is a significant concern in 

multi-pass welds, where the heat affected zone is subjected to multiple re-heating during 

the subsequent passes [11]. The temperatures reached during re-heating are lower than 
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the welding peak temperatures, yet sufficient to potentially cause formation of –sigma and 

–chi phases. Larger heat inputs increase the time the HAZ is kept in the sigma/chi formation 

temperature region, explaining why also an upper limit of heat input is prescribed in 

welding guidelines. 

This work provides a quantitative method for estimation of the phase morphology fractions 

in simulated heat affected zone with increasing heat input [10,12]. In particular, the main 

interest was exploring the changes in the microstructure that occur with the progressive 

transition from a GBA+IGA morphology to a CA dominated microstructure. The purpose of 

this work was to evaluate the effects of the thermal history alone, without changes in the 

chemical composition of the metal, such as nitrogen pick-up from the welding environment 

[13,14] and without external strain applied on the sample during heating/cooling. This is a 

significant difference with actual welds, where tensile stress develops in the HAZ due to the 

thermal history experienced by the adjacent weld pool. Tensile stress has an effect on the 

degree of recrystallization occurring in the microstructure [15–17], which, due to the 

experimental setup, was not considered in this work as the mechanical constraint was 

constant in all simulations. Residual stress and its partitioning in the phases are also 

different in the two phases upon rapid cooling, such as in the case of welding [18]. The 

effects of residual stress on SCC are not addressed in this work. 

Detrimental effects of large heat inputs were visible already at 1.5kJ/mm heat input. While 

forming beneficial coarser austenite plates, this treatment caused precipitation of 

isothermal Cr2N at the ferrite:ferrite phase boundaries [19-21]. The Cr2Nshowed cathodic 

character with respect to the ferrite, potentially acting as corrosion initiation points [4]. 

4.2.6 Conclusions 

- The formation of grain boundary austenite (GBA) is progressively reduced by 

increasing welding heat input; 
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- Widmanstatten austenite fraction in the HAZ also decreases with higher HI; 

- The formation of coarser austenite plates in the simulated HAZ of a single pass 

weld caused formation of chromium (II) nitrides at the ferrite:ferrite phase 

boundaries; 

- The cathodic character of the nitrides was confirmed with SKPFM and atmospheric 

corrosion tests; 

-  
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4.3.1 Abstract 

Duplex stainless steels (DSSs) have outstanding resistance to stress corrosion cracking 

(SCC), provided by their peculiar microstructure consisting of two phases with different 

chemical composition and electrochemical nobility. Arc welding is often used for joining 

large structures, such as the pipelines; this process affects the microstructure morphology 

and the composition of the duplex alloy, reducing the SCC resistance in the heat affected 

zone (HAZ) of the weld. This paper addresses the influence of arc welding on the galvanic 

activity between the main constituent phases in the HAZ. 

Changes in galvanic activity are measured on a 2205 DSS grade as-received and after 

thermo-mechanical simulation of a single weld pass, reproducing the microstructural 

changes typical of the HAZ. The relative nobility of the two phases in both conditions is 

measured using scanning kelvin probe force microscopy (SKPFM-AFM) and using 

electrochemical polarization in 2M H2SO4 + 0.5M HCl electrolyte, which has the property of 

showing ferrite and austenite passivation peaks individually in the polarization curves. 

Results show a marked reduction in electrochemical nobility difference between the two 

phases in the simulated HAZ, which contributes to explain the reduced resistance to stress 

corrosion cracking of this region. 

Keywords 

A. Duplex stainless steel, GLEEBLE 

B. SKPFM, Polarization 

C. welding, passive film 
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4.3.2 Introduction 

Duplex stainless steels (DSSs) have been increasingly used in the energy and chemical 

industries due to their excellent combination of mechanical strength and corrosion 

resistance, with far superior stress corrosion cracking (SCC) performance in chloride-

containing environments than comparable austenitic grades [1,2] . The properties of DSSs 

rely on a microstructure with equal proportions of γ-austenite and δ-ferrite [3]. The 

partitioning of austenite-forming (Ni, N) and ferrite-forming (Cr, Mo) elements results in 

different chemical compositions and corrosion properties for the two phases [3,4]. The 

consequent galvanic activity between austenite and ferrite is recognised as a key property 

for the SCC resistance of DSSs, with the ferrite cathodically protecting the austenite in 

acidic, chloride-containing environments [5]. 

Arc welding is widely used to join and fabricate structures via fusion welding processes [6]. 

As a consequence of the welding process, the heat-affected zone (HAZ) surrounding DSSs 

welds normally shows an increased ferrite fraction and the compositions of the two phases 

are modified with respect to those in the base metal [7]. Due to the microstructural 

changes, this region of the weld shows increased susceptibility to localised corrosion and 

SCC [8]. Even when an acceptable phase balance is achieved and third phase (e.g. σ-sigma, 

χ-chi, Cr1,2N) precipitation is avoided [7,9], a better understanding of the SCC susceptibility 

in the HAZ is required [10]. 

The effect of welding on the austenite-ferrite galvanic activity in the HAZ is investigated in 

this work. A microstructure representative of an HAZ was produced using thermo-

mechanical simulation and the HAZ microstructure was characterized with energy-

dispersive X-ray (EDX) spectroscopy and electron backscatter diffraction (EBSD). Changes in 
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austenite:ferrite galvanic activity caused by the applied thermal treatment were 

investigated by measuring the Volta-Potential difference of the two phases using scanning 

Kelvin probe force microscopy (SKPFM) [11,12]. Measurements showed that the two 

phases reached closer surface potential values in the HAZ. The passivation behaviour of the 

individual phases in the wrought alloy and the simulated HAZ was also investigated, using 

electrochemical potentiodynamic polarization in an H2SO4/HCl electrolyte [13,14].  

4.3.3 Methodology 

The wrought material used was a solution annealed DSS grade 2205 (UNS S1803) in the 

form of a pipe (38mm wall thickness) with chemical composition (in %wt.) of 22.0Cr, 5.1Ni, 

2.48Mo, 1.77Mn, 0.022C and Fe (bal). Cylindrical samples (100mm length and 10mm 

diameter) were extracted longitudinally from the pipe wall, by EDM cutting, and a thermal 

treatment to produce a simulated HAZ was applied using a GLEEBLE3500 thermo-

mechanical simulator. The simulation was designed to correspond to the HAZ of a single-

pass TIG weld made at a heat input of 1.0kJ/mm and was performed by heating the sample 

to 1350°C for 2 seconds followed by controlled cooling [15] the cooling rate was selected to 

avoid formation of sigma and chi phases, for which CCT curves were produced using 

JMatPro® - see Figure 46. 
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Figure 46 - Thermal history of the simulated HAZ (red) with 1% Sigma and Chi theoretical CTT curves. 

The wrought material, which was in a solution annealed condition (i.e. as-received (AR)), 

and the material subjected to thermal simulation (i.e. the simulated HAZ) were cut into 

10mm diameter coupons and mounted in conductive epoxy resin. After wet-grinding to 

2400 grit, diamond paste polishing to 1 µm and colloidal silica finishing (20-40nm, 30 

minutes), the microstructure was characterized using EBSD. Maps with a typical dimension 

of 1.0mm x 0.8mm were acquired using 600nm step size in a FEI Quanta 650 FEG-SEM 

equipped with a Nordlys EBSD detector from Oxford Instruments. The data were processed 

using HKL Channel 5 software from the same manufacturer. EDX data for local chemical 

compositions were acquired using X-Max detector of 80mm2, collecting 106 counts for each 

point. EDX spectra were quantified using Aztec software for ZAF correction. In the wrought 

material (AR), 5 spectra were acquired for each phase. In the simulated HAZ, where the 

chemical composition shows larger local variations, 30 spectra were collected. 

The same surface preparation was used for Volta-Potential surveys. Measurements were 

performed in a Dimension D3100 AFM, using platinum-coated tips (OSCM-PT) with 25nm 

tip radius. Measurements were performed in amplitude modulation with 50nm scan lift 

height and maps were acquired over 80µm X 80µm regions at 0.2kHz scan frequency, 
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acquiring 512 lines per scan and 512 points per line, giving a theoretical resolution of 

approximatively 150nm per pixel. Measurements were performed at room temperature 

and humidity. 

The same materials (i.e. the wrought alloy and the simulated HAZ) were used for 

electrochemical measurements. The surfaces were prepared by wet grinding to a 1200 grit 

finish followed by cleaning in ethanol and de-ionized water. A custom-built three-electrode 

miniature set-up was used in a micro-cell, as described elsewhere [16], with an exposed 

circular region of 1.5mm diameter (1.77mm2 area) and a solution volume in the cell of 3ml. 

All measurements were performed at room temperature using an Ag/AgCl reference 

electrode and a Ivium Compactstat.e potentiostat. The electrolyte used was 2M H2SO4 + 

0.5M HCl [17] and the scan rate used was 0.1mV/s. 

4.3.4 Results 

4.3.4.1 Microstructure 

Phase maps of the AR and the simulated HAZ microstructures are shown in Figure 47. The 

austenite:ferrite ratio in the AR sample was 51:49 while in the simulated HAZ sample the 

austenite content was reduced and the phase ratio was 38:62. Sigma and chi phases were 

not observed. 
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Figure 47 - EBSD phase maps of base metal (a) and simulated HAZ (b). austenite in red, ferrite in blue 

An expected consequence of the thermal treatment is the change in chemical composition 

of austenite and ferrite. While isothermal annealing enables redistribution of austenite and 

ferrite-forming elements to the respective favoured phases, the fast cooling cycle in the 

HAZ inhibits this re-distribution. In particular, the differences in Cr, Mo, Ni and Mn contents 

between austenite and ferrite become smaller. Further, spectra acquired in different grains 

show larger composition variance in the HAZ, as summarized in Table 9. 

Table 9 - Chemical compositions of the phases in the wrought metal and simulated HAZ (EDX ZAF corrected). 

Element/ 

PREN formula 

Average EDX analyses, normalised wt% (SD) 

Wrought metal Simulated HAZ 

Ferrite Austenite 

Difference 

between 

phases 

Ferrite Austenite 

Difference 

between 

phases 

Cr 
24.1 

(<0.1) 
21.1 (<0.1) 3 

22.7 

(0.6) 
21.3 (0.6) 1.4 

Mo 3.7 1.8 (<0.1) 1.9 3.5 (0.2) 2.7 (0.2) 0.8 
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(<0.1) 

Ni 
4.2 

(<0.1) 
6.7 (<0.1) 2.5 4.9 (0.4) 6.2 (0.4) 1.2 

Mn 
1.6 

(<0.1) 
1.8 (<0.1) 0.2 1.6 (0.1) 1.7 (0.1) 0.1 

SD = standard deviation 

Of particular interest is the variation of Cr and Mo concentrations in the two phases. Ferrite 

is depleted in both elements in the HAZ, with Cr reduced by 1.4% and Mo by 0.2%. 

Conversely, HAZ austenite shows higher contents of both SKPFM measurements 

Volta potential (Ψ) measurements were used to investigate the change in galvanic activity 

between austenite and ferrite on a local scale. A map of the wrought base metal (BM) was 

compared with four maps from different locations of the simulated HAZ. A set of typical 

maps is given in Figure 48, where line scans measuring the volta-potential difference 

between austenite and ferrite (ΔΨγ:δ) are also shown. 
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Figure 48- SKPFM measurements on the wrought metal/base metal (BM) (left) and the simulated HAZ (right) 

with a corresponding heat input of 1.0kJ/mm. From top to bottom: height map, Volta-Potential map, example of 

line scans in austenite (red) and ferrite (blue). 

In order to avoid effects of the different austenite:ferrite ratios on the measured potential 

difference in the two microstructures, the potential has been measured within the 

individual phases using the average value of 10µm long line scans. An example of these 

measurements can be seen in Figure 48. Line-scan measurements showed a great variation 

across different positions within individual phases, reflected in the standard deviation (SD) 

of the average values. Measurements were acquired for each map in five different 

positions for both austenite and ferrite. While austenite in both conditions showed 

consistently cathodic character with respect to ferrite, the average austenite-ferrite Volta 

potential difference was found to be reduced in the simulated HAZ. The average difference 

found in the wrought/base metal sample was 47mV, while an average value of 24mV was 
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measured in the four maps acquired from the HAZ. The results of the austenite-ferrite 

Volta potential difference on the simulated HAZ have been normalized with respect to the 

difference in the wrought/base metal, and the decreased galvanic activity expressed as 

fraction of the value of the wrought/base metal. The results are summarized in Table 10. 

The measurements showed consistently that the potential contrast between the two 

phases was reduced in the simulated HAZ, showing a potential difference of approximately 

50% of that measured in the base metal. 

Table 10 - Summary of the SKPFM Volta-Potential measurements. 

 

 Base Metal Simulated HAZ 

47 (SD 4.4) 

mV 

24 (SD 2.3) mV 51 % 

26 (SD 3.5) mV 55 % 

22 (SD 4.1) mV 47 % 

24 (SD 2.1) mV 51 % 

4.3.4.2 Polarization Test in H2SO4 + HCl 

Polarization scans were initially performed over a wide potential range in order to identify 

the locations of the austenite and ferrite activation peaks. Scans were then carried out over 

a narrower potential range, focusing on the activation peaks. The potential range selected 

was from -50mV vs. OCP to -100mV and the results are shown in Figure 49. 
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Figure 49 - PTD polarization curves in the activation region. Wrought/base metal in blue, simulated HAZ in red. 

The activation peaks for austenite and ferrite were clearly separated and easy to identify 

for the wrought/base metal sample. In the simulated HAZ, the activation peaks for ferrite 

were still easy to identify. The activation curves for austenite, instead, were partially 

hidden or, in other words, the activation curves for the two phases were not completely 

resolved. While the activation peaks for austenite in the HAZ were not evident, both times 

the polarization curves showed a change of trend in the region corresponding to the 

austenite activation.  

In order to highlight the austenite contribution in the activation curve for the HAZ, gaussian 

deconvolution of the peaks has been performed. Reasonable fitting of the activation curve 

was possible including a second activation curve accounting for the austenite dissolution – 

see Figure 50. 
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Figure 50 - Deconvolution of the PTD polarization curve in the activation regions for the wrought/base metal 

(left) and the simulated HAZ (right). Austenite activation curves in red, ferrite in blue. 

The difference between austenite and ferrite passivation potential was 80mV in the 

wrought/base metal, while this difference reduced to 60mV in the simulated HAZ. Despite 

this variation in passivation behaviour of the two phases, in both measurements the free 

corrosion potential was found to be unchanged (-285mV) with or without the applied heat 

treatment. Another difference observed was the difference in relative current contribution 

of austenite and ferrite to the global activation current. Integration of the polarization 

curve in the activation region showed similar values of charge for the alloy components 

oxidation for both materials of ≈50µC. However, while in the wrought base metal 76% of 

the charge was provided by the ferrite and 23% from the austenite, in the simulated HAZ 

ferrite oxidation contributed for 92% of the total activation current, while austenite 

contribution was reduced to 8%. Two factors are likely to have caused this change in the 

simulated HAZ. In first place, the ferrite fraction in this microstructure is higher: 62% in the 

simulated HAZ compared to 49% in the wrought base metal. Secondly, the differences in 

the Cr and Mo contents of the two phases is reduced compared with respect to the 

wrought base metal, potentially causing changes in the electrochemical passivation 

reactions. 
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4.3.4.3 Discussion 

DSS welds show the high susceptibility to SCC in the HAZ. One of the most noticeable 

consequences of the welding process on this region is the reduction of austenite content. 

SCC resistance of DSSs is greatly affected by the phase ratio, with values approaching the 

ideal 50:50 distribution showing the best performance [19]. The thermal treatment 

experienced in the HAZ causes several alterations in the alloy microstructure. Even when 

acceptable phase balance is achieved, the chemical composition for austenite and ferrite in 

the HAZ shows great variation with respect to individual phase composition in the wrought 

alloys in the annealed state.  

Within the HAZ, partitioning of the austenite and ferrite-forming elements between the 

phases is reduced compared to the wrought base metal, due to the initial transformation to 

ferrite of the microstructure and the relative fast cooling that allows diffusion of heavy 

elements only over a short distance (i.e. a few microns) [20]. As a result, the chemical 

compositions of the austenite and the ferrite become more similar, with marked reduction 

of chromium content in the latter. Similar findings have been reported by [21], who also 

correlated the chromium depletion of the ferrite with enhanced localised corrosion 

susceptibility in this phase. 

The different corrosion properties of austenite and ferrite are of paramount importance for 

the outstanding SCC resistance of DSSs. In modern grades, in which austenite is present in 

the form of dispersed islands and ferrite is the continuous phase, cracking in chloride-

containing environments initiates in the latter. The ability of austenite to stop the crack 

progression relies on its higher corrosion potential. When a crack in ferrite reaches an 

austenite island, the anodic activity at the crack tip is suppressed by the difference 

potential/pH conditions required for austenite to corrode [19]. The different condition 

required for austenite corrosion forces the crack to stop, unless ductile tearing or 
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(hydrogen) embrittlement of austenite occurs. For this protective mechanism to work, a 

difference in chemical composition, resulting in different corrosion potentials for the two 

phases, is needed.  

While the change in ferrite composition and its higher susceptibility to localised corrosion 

can explain the increased likelihood of crack nucleation sites in this phase, clarifying the 

relation with SCC susceptibility requires an understanding of changes in the global 

electrochemical properties of the thermally altered alloy (i.e. the simulated HAZ in the 

current study). In particular, the evolution of austenite and ferrite relative nobility could 

give an indication on the mechanism behind the reduced SCC resistance of the HAZ. The 

SKPFM measurements and the electrochemical polarization in chloride-containing 

environments constitute two different ways to investigate the quality and the formation of 

the passive film on austenite and ferrite in the different microstructures.  

The Volta-Potential difference highlights the relative nobility of the austenite-ferrite native 

passive films. The passivation of the alloys in this case occurs in air, once the polishing is 

completed, and the potential measured relates to the native passive film, after 2 days 

ageing at ambient temperature and humidity. These observations reveal the localised 

passive film nobility and show the Volta-Potential difference of austenite and ferrite as an 

intrinsic property of the two phases. These measurements are not influenced by the 

different phase ratios in the wrought base metal and in the HAZ, and they are independent 

from the austenite morphology and distribution. As a result, the reduction in Volta- 

Potential difference of the phases in the HAZ is a direct consequence of the different 

chemical composition of the two phases after the thermal cycle applied by the welding 

process.  

Potentiodynamic polarization was used to understand the consequences of these changes 

on the global electrochemical behaviour of the alloy. When using the mixture of sulphuric 
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and hydrochloric acid, the difference in electrochemical nobility between austenite and 

ferrite results in the existence of two distinct anodic peaks in the active-to-passive region of 

the polarization curve, with the austenite activation potential being higher than that of 

ferrite. In the simulated HAZ, this effect is reduced, due to the similar chemical composition 

of the two phases upon the thermal treatment. With the increased ferrite content, the 

activation peak for this phase occupies a larger area of the active-to-passive region in the 

potentiodynamic curve. As a result, the austenite activation peak is hidden and 

deconvolution is needed to identify it. The electrochemical potential difference between 

the phases (i.e. activation peaks) is smaller in the HAZ, confirming that the reduction in 

relative nobility of the two phases is determined by the different passivation mechanism of 

the microstructure in the two conditions. 

4.3.5 Conclusions 

The galvanic activity between austenite and ferrite has been investigated using samples 

prepared from wrought 2205 DSS base metal in the solution annealed condition and an 

HAZ, simulated in the same material using a Gleeble thermo-mechanical simulator. The 

simulated HAZ was designed to correspond to that of a single pass TIG weld. The following 

conclusions can be drawn: 

• The Gleeble-simulated microstructure shows a significant reduction in volta-

potential difference between austenite and ferrite compared to similar measurements on 

the base metal; 

• Polarization measurements conducted in H2SO4/HCl electrolyte showed that the 

simulated weld HAZ thermal cycle affects the alloy passivation behaviour, reducing the 

difference in activation potentials between the two phases in the HAZ; 
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• The chemical partitioning, caused by the simulated welding thermal cycle, reduced 

the galvanic activity between the two phases in the HAZ with potential effects on the SCC 

resistance of the DSS. 
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4.4.1 Abstract 

Duplex stainless steels (DSSs) microstructure morphology shows significant variation in the 

heat affected (HAZ) zone of arc-welded components. Welding procedures are assessed 

upon the resulting austenite fraction and the avoidance of tertiary phases precipitation, 

while the austenite morphology in this region is not part of the evaluation. Even acceptable 

welds, however, show enhanced propensity to hydrogen-assisted failure mechanisms in 

the HAZ.  

The effects of dissolved hydrogen on the cracking behaviour of different austenite 

morphologies have been studied in this work. Hydrogen pre-charged mini-tensile samples 

machined from a multi-pass 2205 TIG weld have been used for tensile strain to failure. The 

behaviour of the austenite in the hydrogen assisted cracking path has been investigated on 

the surface using quasi in-situ SEM straining and correlative post-mortem EBSD. 

Fractography has been used to gather in-depth information on the failure mode of 

austenite. 

The results shows a lack of beneficial effects from grain boundary and intragranular 

austenite types in influencing the crack progression path, with phase boundary decohesion 

and brittle failure interesting this phase in addition to ductile tearing.  
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4.4.2 Introduction 

Duplex stainless steels (DSSs) are an interesting choice for application in the petrochemical 

and energy industries [1-3] . The outstanding resistance to environment-assisted cracking 

(EAC) , combined with high strength and low nickel content, makes them an attractive 

choice for all those applications where stress corrosion cracking (SCC) [4-6] and hydrogen 

assisted cracking (HAC) [7,8] are a concern. Modern grades have also good weldability and 

multi-pass arc welding is often used to fabricate structures. Welding procedure 

specifications (WPS) are designed to avoid tertiary phases precipitation and excessive 

ferrite content in the heat affected zone (HAZ) [9-11]. Nonetheless, the HAZ always shows 

enhanced environment assisted cracking (EAC) susceptibility. 

Hydrogen sources, such as the cathodic reactions at the surface of cathodically protected 

components, can pose a threat to DSSs integrity when significant hydrogen uptake in the 

material occurs [12,13]. Relatively small amounts of hydrogen are sufficient to cause 

embrittlement of the ferritic matrix, which is characterised by low hydrogen solubility [14]. 

Austenite conversely is less easily embrittled and its ability to stop crack progression – until 

stress level causing ductile tearing are reached– explains the superior behaviour of duplex 

over purely ferritic steels.  

Welding affects the microstructure in the HAZ by producing larger ferritic grains [15,16] 

and increased ferrite content [17], partially explaining why this region is the more 

susceptible to HAC [15]. Welding also affects austenite morphology and a combination of 

intragranular austenite, Widmanstatten plates and grain boundary austenite characterise 

this region [18]. The role of austenite morphology, rather than austenite fraction, in the 

context of HAC in the HAZ has received less attention. 
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The purpose of this work is to directly observe the ability of different types of austenite to 

block or deviate cracks in the hydrogen embrittled HAZ. To do so, mini-tensile samples have 

been extracted from a multi-pass TIG weld and their microstructure characterized. 

Cathodic polarization in acidic environment has been used to introduce hydrogen in the 

microstructure, with the charging routine validated initially on the base metal where the 

surface defects caused by hydrogen charging have been characterized. The pre-charged 

specimens containing all regions of the weld have been used for quasi in-situ SEM straining 

and the images of the crack initiation correlated with post-mortem EBSD and fractography. 

Before and after cracking EBSD maps have also been used, on a larger scale, to describe the 

relation between cracking path and austenite morphology. 

4.4.3 Methodology 

4.4.3.1 Materials Characterization 

The material used was a 2205 duplex grade in the form of a seamed pipe with 406 mm 

internal diameter and 9.2 mm wall thickness. Two sections of the pipe were joined with a 

TIG girth weld performed in 7 passes. Different heat inputs were selected for the root weld 

and the subsequent passes, while pure Argon was used as shielding/backing gas in order to 

avoid contamination from the environment. Mini-tensile samples exposing both the weld 

and the parent material were machined along the transversal direction using EDM (Electric 

Discharge Machining) – a sketch of the geometry is shown in Figure 51. 

 

Figure 51 - Mini-tensile samples geometry. 
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Samples were wet ground with SiC paper (up to 4000 grit) and then polished with diamond 

paste (2, 1 and 0.25 micron) followed by finer polishing in colloidal silica suspension for 30 

minutes. The microstructure was investigated by means of Electron Back-Scatter Diffraction 

(EBSD), using a FEI Sirion FEG-SEM equipped with a Nordlys EBSD detector from Oxford 

Instruments.   

4.4.3.2 Hydrogen Charging  

For all experiments, hydrogen was introduced in the microstructure by means of cathodic 

polarization in aqueous solution on the polished samples. The electrolyte used was 0.1M 

sulphuric acid with 250 mg/L addition of NaAsO2 for hydrogen recombination poisoning 

[19,20] . Samples were polarized with a galvanostat (ACM Instruments) imposing a cathodic 

current of 20 mA/cm2 for 48 hours. The solution was kept at 80 °C (±2 °C) with a heating 

plate and agitation of the solution was assured by nitrogen bubbling. Hydrogen ingress was 

limited to one face of the sample by masking the rest with lacquer.  

In order to assess whether the parameters used were suitable to cause embrittlement of 

the alloy also in reference conditions, a tensile sample of the parent material has been 

charged in the same way. All the sides of the gauge however where exposed, in order to 

observe the effects of diffusion in different directions on the fracture behaviour. The depth 

of embrittlement measured on this sample was used to introduce the concept of a 

“damage effective” diffusion coefficient. The sample has been used also to show, for 

reference, the typical cracking behaviour of hydrogen embrittlement of annealed duplex 

stainless steel. 

Noticeable microstructural changes induced on the surface by the hydrogen charging 

process were observed. Therefore, a dedicated sample from the parent material was 

charged in these condition and investigated by means of SEM imaging of the surface 

combined with EBSD characterization of the defects in cross-section.    
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4.4.3.3 Hydrogen-Enhanced Cracking in the Heat Affected Zone  

The preferred cracking path in the HAZ microstructure has been investigated in two 

different ways.  

• In one sample, the HAZ has been EBSD mapped before hydrogen charging; after 

the cathodic polarization, the sample has been ex-situ strained to failure and EBSD maps of 

the crack profile were acquired on one of the two parts. In both cases, the step-size used 

was 1µm. By comparison of the two sets of EBSD maps, the location of the crack path has 

been reconstructed; 

 

• Another sample has been investigated by means of SEM in-situ straining; in this 

case, after hydrogen charging the sample has been quickly re-polished to remove the 

hydrogen-induced surface defects - removing ca. 100 um of material - and then 

immediately strained in the SEM. Straining has been applied at 1% strain increments. 

Images of the crack initiation were produced and the sample was later strained to failure 

allowing for fractographic inspection. EBSD maps across the crack in the initiation location 

have been also acquired. 

In both experiments, the strain was applied using a 5 kN mini-tensile rig from Deben. The 

strain rate used was 1.9 x 10-4 s-1. The SEM in-situ straining was performed in a FEI Quanta 

650 FEG-SEM. 

4.4.4 Results  

4.4.4.1 Characterization 

The weld microstructure shows features typical of DSS welds. Of particular interest in this 

work are the austenite fraction and morphology in the surrounding of the fusion line, 

where the melted filler material in the weld pool blends with the welding piece. The first 
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noticeable microstructural change is the variation in austenite content. In particular, while 

the weld and the low temperature HAZ show acceptable phase balance, the region 

surrounding the fusion line shows austenite content close or below 30% - threshold value 

for the duplex microstructure to show any beneficial effect on EAC resistance [67]. While 

the width of this region was relatively small (approximately 100um), this location offers an 

almost continuous path of ferrite surrounding the weld. A profile of the austenite content 

across the weld is shown in Figure 52. 

 

Figure 52 - Austenite fraction distribution in the high temperature HAZ. Austenite in black, ferrite in white.The 

austenite fraction is estimated with image analysis (method described  in  4.1.1.2). 

Austenite in the ferrite rich region showed different morphologies. In particular, the 

reformed austenite can nucleate either at the grain boundaries between ferritic grains 
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(grain boundary austenite, GBA) or within a ferrite grain (intragranular austenite, IGA). Due 

to the location where it forms, GBA has the characteristic of breaking the continuity of 

adjacent ferrite grains while IGA, in the form of small isolated plates within a single ferritic 

grain, does not form a continuous structure. Examples of these morphologies are shown in 

figure Figure 53. 

 

Figure 53 - Austenite morphologies in the HAZ. Austenite in white, Ferrite in IPF colours. 

4.4.4.2 Hydrogen-Induced Surface Defects 

After charging in these conditions, the surface of the material presented with several new 

features. In particular two types of damage were found. In the austenite, surface cracks 

were found. Relieved protrusions, sometimes associated with minor cracks, were found in 

the ferrite. An example of surface after charging is shown in Figure 54. Phases were 

identified by means of EDX-S spectroscopy, relying on the chromium and molybdenum 

enrichment in the ferrite. 
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Figure 54 - DSS surface after hydrogen charging (20mA cm-2, 80°C, 01.M H2SO4 + 250 mgl-1 NaAsO2, 48hrs). 

A cross section of the parent material was used to explore the depth of the defects. These 

were found only in the initial 20-30 um below the surface. EBSD maps of the cross section 

showed that the defects are confined to the surface grains, which are directly exposed to 

the hydrogen ingress/desorption, and to the interphases underneath.  

Cross-section observation revealed that the austenite after charging developed several 

cracks in the grains exposed to the surface – see Figure 55 

 

Figure 55 - Cross section of damage in hydrogen charged DSS surface (left) and EBSD phase map of the same 

location (right).Austenite in red, ferrite in blu. 

The EBSD maps in the surrounding of the cracks showed the formation within the austenite 

of small lathes of a tertiary BCC phase. The two phases show a Kurdjumov-Sachs type 
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lattice relation “within” 10 degrees of error from the theoretical orientation, compatible 

with the formation of BCC martensite, as shown in Figure 56. 

 

 

Figure 56 - Detail of the cross section EBSD map. In blu, the BCC martensite lathes. K-S phase boundaries in 

green. 

The nature of the defects in ferrite was different. In particular, the main characteristic was 

the formation of blisters at the interphase between the ferrite exposed to the environment 

and the underlying austenite – see Figure 57. The volume expansion at the interphase was 

compensated by deformation of the ferrite. 

 

Figure 57 - Cross section micrograph showing one blister at the ferrite:austenite interphase (left) with EBSD 

phase map (right). 
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The deformation was accompanied with the formation of sub-grains in the ferrite, showing 

a 60deg misorientation with the original grain, suggesting deformation twinning occurred 

[21] – as shown in Figure 58. 

 

Figure 58 - Misorientation line-scan across the subgrains in the deformed ferrite, showing the twin boundaries at 

60deg misorientation 

4.4.4.3 Hydrogen embrittlement in the parent material 

The hydrogen charging conditions used promoted significant embrittlement of the 

microstructure in the tensile sample of the base metal. This can be observed in the fracture 

surface after strain-to-failure, where the ductile failure at the core of the sample is 

surrounded by a rim of material failed in a brittle fashion, as shown in Figure 59,where the 

average depth of embrittlement is alsoshown. The diffusion pathway oriented as the rolling 

direction (i.e. horizontal in the image) shows the deepest damage, consistent with the less 

tortuous hydrogen diffusion path - and therefore, higher hydrogen diffusion rate in this 

direction. 
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Figure 59 - Fracture surface of an hydrogen charged mini-tensile sample of the parent material. Average depth 

of the brittle failure shown in the picture. 

 

Figure 60 shows an EBSD phase map for a region of the longitudinal cross section 

containing a secondary crack. This shows the typical behaviour of duplex stainless steels 

exposed to hydrogen, with the crack progressing through the embrittled ferrite and the 

elongated austenite showing the ability to deviate the crack progression until ductile 

tearing eventually occurs. 
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Figure 60 - - EBSD phase map of a secondary crack cross section (top). Position of the crack with respect to the 

tensile sample and strain direction (bottom). 

4.4.4.4 Hydrogen embrittlement in the HAZ - Crack path 

As expected, the crack developed in the HAZ of the hydrogen-charged mini-tensile sample. 

Despite the surface defects and the strain applied, sufficient indexing was achieved in the 

post-mortem EBSD scans, allowing reconstruction of the crack path with respect to the 

microstructure. The failure mode of the embrittled microstructure was clearly 

transgranular through the enlarged HAZ ferritic grains, while the position of the crack with 

respect to the austenite was not consistent. However, it was noticeable that the grain 

boundary austenite and the small intragranular austenite plates in the HAZ offered little or 

no opposition to the crack progression. Crack path is visible in Figure 61. Only in two points 
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austenite showed the ability to deviate the crack path. In both cases, austenite was 

coarser, with dimensions between 100 and 150 μm. 

 

Figure 61 - Crack path reconstruction in the HAZ. Left: EBSD phase map, austenite in red and ferrite in blue. 

Locations where austenite deviated the crack path are circle in white. Right: austenite in white and ferrite in IPF 

colours. 
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4.4.4.5 Hydrogen embrittlement in the HAZ - Crack-initiation 

In depth analysis of the crack initiation was used to describe the early stages of cracking. 

During the quasi in-situ test, the first crack was found to open at as little as 6% strain – see 

Figure 62. 

 

Figure 62 -Crack initiation in the quasi in-situ straining. 

Also in this case, the crack showed a neat progression along the fusion line of the HAZ. 

From the micrographs, the crack seemed to initiate trans-granularly in the ferrite and did 

not show correspondence with the austenite:ferrite boundaries. More complete 

information was obtained by observing the EBSD map of the region (shown in Figure 63) 

and the fracture surface. 
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Figure 63 - Post-mortem EBSD on the quasi in-situ strained sample showing the ferite distribution (IPF colours). 

In particular, the two faces of the fractured surface have been matched – as well as 

possible - and an EBSD map of the crack initiation location has been acquired across the 

crack. The two sides of the crack initiation region were ferritic on both sides; further, the 

misorientation across was approx. 5deg, suggesting that the crack initiated within the same 

ferritic grain. In fact, the small misorientation, could identify a low-angle grain boundary 

(LAGB) but can also be an artefact attributable to the difficulty of manually re-aligning the 

two parts of the sample on the aluminium stub. Nonetheless, observing the morphology of 

similar grains in the HAZ region, the occurrence of LAGBs was not noticeable anywhere 

else, suggesting that the second explanation is the most likely and that the crack initiation 

was indeed intragranular. 

4.4.4.6 Hydrogen embrittlement in the HAZ - Fractography 

In the fractography, it was possible to see a clear difference in failure mode between the 

side of the sample exposed to hydrogen, which clearly underwent brittle failure, and the 

opposite side showing features typical of ductile failure, consistent with the longer 

diffusion path for the hydrogen to reach the opposite side of the section – Figure 64. 
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Figure 64- Details of the fracture surface, showing the embrittled region and the brittle to ductile transition 

The surface of the grain where the crack initiated – shown in Figure 65- showed an almost 

completely ferritic region, confirming what observed with micrographs and EBSD. The 

fracture surface presented with river-like marks typical of quasi-cleavage, failure mode 

characteristic of embrittled BCC steel. 

 

Figure 65 - Fractography of the crack initiation ferrite grain with the position of the first crack opening marked. 

The failure mechanism of the austenite grains in the surrounding of the region was less 

clear. Some grains in the embrittled region showed a faceted surface, suggesting the failure 

mechanism was not purely ductile, as shown in Figure 66 (left). The effect of the diffused 
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hydrogen on this phase was also noticed at the austenite: ferrite phase boundaries, where 

signs of fcc:bcc decohesion were found. Phase boundary decohesion was found in the 

surrounding of austenite grains that looked almost intact, potentially indicating that 

complete detachment from the ferrite occurred, as shown in Figure 66 (right). 

 

Figure 66 - Details of the austenite fracture behaviour. Faceted brittle-like failure of austenite (left) and 

austenite:ferrite phase boundaries decohesion (right). 

4.4.5 Discussion 

The fundamental mechanism of hydrogen embrittlement have been studied by several 

authors and are nonetheless still matter of debate [22]. While a mechanistic understanding 

of hydrogen damage in duplex stainless steel has still to be achieved, several factors 

affecting their macroscopic cracking resistance have been identified. With respect to the 

microstructure, higher ferrite fractions and larger ferrite grains are recognised as 

detrimental to DSSs hydrogen embrittlement resistance. These two conditions are often 

found in the HAZ of welded microstructure, where the alloy is heated above the solvus 

temperature and then quickly cooled. While modifications in the ferrite microstructure are 

largely responsible of the higher susceptibility of the HAZ, the role of the austenite 

morphology was the main focus of this work. The elongated plates typical of the annealed 

microstructure are replaced by a combination of intragranular austenite and grain 
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boundary austenite in the surrounding of the fusion line, with the local austenite fraction 

significantly lower than the ideal 50%. 

This work’s aim was to investigate the ability of the types of austenite found in the HAZ to 

deviate or stop the crack progression in hydrogen charged microstructures subjected to 

tensile straining. Three stages of hydrogen induced damage have been investigated, 

covering the effects of hydrogen diffusion on the microstructure, the role of austenite in 

crack initiation and austenite ability to influence the crack progression path.  

(i) Hydrogen charging and Surface Damage 

Hydrogen ingress affects both phases in a very different way. Austenite fcc microstructure 

has higher hydrogen solubility and can therefore accommodate more hydrogen in the 

lattice. However, once the solubility limit is reached, hydrogen cause strain in the 

microstructure and this is accommodated by following a sequence of phase 

transformations. In first place, an instable hydrides phase forms, acting as an intermediate 

step toward formation of HCP (ε) martensite within the austenite grain [22-24]. HCP 

martensite, however is a metastable phase and is replaced by BCC martensite allowed 

sufficient time. The higher diffusion rate in ferrite, causes different type of damage in this 

phase. Ferrite is not directly affected by the hydrogen ingress until hydrogen reaches an 

underlying austenite phase boundary. Here the fast diffusion reaches a sudden stop, due to 

the high binding energy of the phase boundary and to the slow diffusion through austenite 

[19,25]. As a result of the atomic hydrogen build up in this location, hydrogen 

recombination occurs and the pressure build-up due to the larger volume of molecular 

hydrogen causes plastic deformation in the ferrite, with deformation twins formed during 

the process.  

While significant, these defects interest only the surface of the duplex steel and they are 

not found in the deeper layers of the alloy. This can be explained considering both 
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hydrogen concentration and physical properties of the surface. The concentration of the 

diffusing specie in a solid where diffusion is occurring reaches its maximum at the entry 

surface, where the saturation concentration is maintained by the continuous provision of 

the diffusing element from the environment. In the case of hydrogen electrolytic charging, 

the applied cathodic current provides atomic hydrogen adsorbed on the surface through 

water electrolysis and acidity reduction reactions. As a result, the concentration of 

hydrogen is maximum in this location and decreases exponentially deeper in the alloy. 

Further, the phase transformations induced by hydrogen during ingress/outgas in austenite 

and the blistering in ferrite involve significant volume changes. The lower mechanical 

constraint of the grains at the surface contributes to explain why these transformations are 

observed only here. 

 (ii) Crack initiation and progression 

Ferrite is the hydrogen embrittlement susceptible phase in duplex steels, with 

transgranular quasi-cleavage being the typical failure mode of this phase [8,22]. In 

annealed duplex grade, where the austenite is distributed in elongated plates, macroscopic 

crack progression occurs through ductile tearing of this phase, while embrittlement of the 

austenite is not generally observed. The higher solubility of hydrogen in austenite, in fact, 

allows this phase to accommodate higher amount of interstitial hydrogen with respect to a 

bcc microstructure.  

Observation of the crack initiation on the surface and from the suggested that cracking 

initiated within an individual ferritic grain. The fracture surface of the severed grain, 

showed almost no austenite in the crack opening location. Upon further straining, the 

austenite found in the HAZ did not show the same ability to block crack progression as in 

the annealed state, with the crack following the fusion line almost unaffected by the 

austenite found on its path. 
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Looking at the fracture surface, it was noticed that some of the austenite grains in the 

embrittled region showed signs of brittle failure. Austenite is not per se immune to 

embrittlement, given sufficient concentration of hydrogen in this phase is reached. 

Austenite embrittlement in duplex is not normally observed due to the higher susceptibility 

of ferrite, causing hydrogen induced failure to originate in the latter before a sufficient 

concentration of hydrogen can be reached in the austenite. The austenite fraction in the 

HAZ is locally lower than the ideal 50%, whit the larger fraction of ferrite allowing for a 

larger hydrogen diffusion front to cross this region. At the same time, most of the austenite 

grains in the HAZ are smaller and isolated (IGA), suggesting that the local concentration of 

hydrogen in these grains, due to their smaller volume, could raise to levels that would not 

be observed in the normal duplex. Some austenite grains also showed signs of phase 

boundary decohesion, suggesting that the accumulation of hydrogen at the phase 

boundaries could weaken the bond between austenite and ferrite. This observation is 

confirmed by the presence on the fracture surface of grains that seemed completely 

detached from the ferrite on the fracture plane rather than crossed by the crack. It is worth 

to mention also the importance of the hydrogen charging conditions used for these 

experiments. The cathodic current applied to the sample was chosen to accelerate the 

effects of a severe cathodic overprotection. At the same time, the temperature used and 

the addition of hydrogen recombination poison also contributed to faster hydrogen 

diffusion kinetics. While this situation is particularly harsh for the alloy, the natural 

occurrence of hydrogen recombination poisonous elements - a notable example is sulphur 

in H2S environment – justifies the study of hydrogen embrittlement in extremely 

detrimental conditions. 

Austenite did not show univocal behaviour, but some correlation between cracking 

behaviour and austenite morphology can be drawn considering the crack path over a wider 

area. The crack path over the entire HAZ of the minitensile sample showed quite clearly 



148 

 
 

 

that the least resistant path for cracking is represented by the enlarged ferrite grains along 

the fusion line, which are crossed in a trans-granular mode. This is also the region 

characterized by a prevalence of intragranular and grain boundary austenite. The crack 

progression in the HAZ was almost unaffected by the presence of GBA and IGA, with the 

path clearly driven by the ferrite morphology. On the other end, coarser austenite grains 

(or clusters of grains) on the crack path showed the ability to influence the crack path. In 

other words, this type of austenite seemed to retain some of the properties of austenite in 

annealed conditions. 

It is difficult to separate the contribution of the two phases in promoting cracking 

susceptibility in the HAZ, given that the ferrite and austenite morphological changes 

happen simultaneously in the welding process. What can be gathered is that IGA and GBA 

do not show any significant effect in opposing hydrogen enhanced cracking, despite being 

assimilated to the other forms of austenite in the qualification of a welding procedure. The 

outcomes of this work suggest that excluding GBA and IGA from the austenite count during 

the welding procedure qualification could offer a more realistic prediction of the weld 

resistance to HAC. 

4.4.6 Conclusions 

(1) Increased ferrite content, larger ferritic grain and a mix of intragranular and grain 

boundary austenite types characterize the fusion line of the HAZ, which is the region with 

the highest susceptibility to hydrogen-assisted failure; 

(2) Hydrogen electrolytic charging in poisoned acidic environment caused different 

damage at the surface in both phases; despite significant, these were found only in the first 

layers of the material and the phase transformation involved were not noticed deeper in 

the microstructure; 
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(3) Surface cracks in the austenite where noticed after hydrogen charging in these 

conditions. These cracks were affecting only the surface austenite grains, with no 

progression through the depth of the microstructure noticed; 

(4) The cracking path of hydrogen charged welds during strain-to-failure was mainly 

driven by the ferrite distribution in the region, with the IGA and GBA showing little or no 

influence on the crack propagation; 

(5) Austenite in this region showed multiple failure modes, with signs of 

embrittlement noticed also in this phase. Austenite:ferrite decohesion at the phase 

boundaries also contributed to the HAZ cracking; 

(6) Only in two points the crack path was affected by austenite. In these location, 

coarser austenite plates seemed to have an effect on deviating the crack path, similar to 

what happens in annealed microstructures. 
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4.5.1 Abstract 

Duplex stainless steels (DSSs) are widely used in the oil and gas industry, where the high 

strength and corrosion resistance makes them a viable choice for structural applications. 

The phase balance of this alloys is significantly affected by arc-welding, a joining technique 

commonly used to fabricate complex structures. The phase balance and morphology in the 

Heat Affected Zone of DSS weld is characterized by increased ferrite fraction and by 

enhanced susceptibility to Stress Corrosion Cracking (SCC). The active dissolution of the 

ferritic phase, in particular, is one of the forms of localised corrosion that can act as 

precursors for SCC exposed to chloride rich salt-laden deposits exposed to atmospheric 

conditions. The effect of austenite morphology on the selective dissolution of ferrite is 

investigated in this paper. 

Mini-tensile samples of a multi-pass TIG weld have been used to investigate the anodic 

dissolution of the ferrite surrounding different austenite morphologies. The weld and the 

base metal were strained in a static tensile rig while being exposed to MgCl2 droplets under 

controlled atmospheric conditions. The morphology of the corrosion attack was 

characterized using SEM-EBSD 
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4.5.2 Introduction 

Duplex stainless steels have outstanding resistance to stress corrosion cracking in chlorides 

containing environments and are generally considered resistant to this type of failure at 

low and intermediate temperatures [1]. More recently, susceptibility to SCC of duplex 

steels under salt-laden deposits at temperatures below 100°C has been reported by 

different authors [2,3], prompting further investigations into their behaviour at low 

temperatures. 

The HAZs of welded duplex structure – even in cases where the resulting microstructure is 

acceptable according to the current welding standards [4] – is often a region of reduced 

corrosion resistance [5.6]. While the detrimental effect of reduced austenite content in the 

HAZ is well known [1,7], limited attention has been addressed to the effects of austenite 

morphology [8]. 

The morphology of corrosion attacks in ferrite – that can act as precursors to stress 

corrosion cracks initiation – is the main interest of this paper. In particular, the relationship 

between ferrite dissolution morphology and austenite distribution with respect to the 

applied stress direction is investigated. Atmospheric exposure of a duplex stainless steel 

weld under MgCl2-laden deposits at 80 °C is used to promote localised corrosion attacks. 

The morphology of the corrosion attacks in then characterized using SEM imaging and SEM-

EBSD. 

4.5.3 Methodology 

4.5.3.1 Materials and Characterization 

The material used was a duplex stainless steel grade 2205 (UNS S1803) in the form of a 

pipe (9.2 mm wall thickness) with chemical composition (in %wt.) of 22.0Cr, 5.2Ni, 2.75Mo, 



156 

 
 

 

1.48Mn, 0.02C, 0.18N and Fe (bal.). Two sections cut from the same pipe were joined with 

a multi-pass TIG girth weld (a detailed description of the welding process is provided in 

chapter 4.1). Mini-tensile sample were EDM cut from transversally across the weld, in order 

to expose all the regions of the weld and the base metal on both sides. The samples used 

for characterization were wet ground with SiC paper (up to 4000 grit) and polished with 

diamond paste (3 and 1 µm) followed by fine polishing in colloidal silica suspension (20-

40nm) for 30 minutes. EBSD phase maps of the heat affected zone were acquired using a 

FEI Quanta650 FEG-SEM, equipped with a Nordlys EBSD detector from Oxford Instruments. 

Samples used for atmospheric exposure were prepared in a similar way, with the final silica 

polishing –required for EBSD characterization – performed after the corrosion attacks were 

produced. 

4.5.3.2 Atmospheric-Induced Stress corrosion cracking 

Atmospheric exposure under salt-laden deposits was used to promote AI-SCC attacks on 

mini-tensile samples of the weld. 1μL Droplets of 0.1M MgCl2 - providing a deposition 

density of ca. 400 µgL-1 - were placed in different positions of the weld mini-tensile 

sample, exposing the parent material and the HAZ. The tensile sample was then exposed to 

constant strain in a static tensile rig [9], with an applied deformation of approximately 3% 

of the original dimensions (the strain has been estimated using optical images of the 

sample before and after closing the rig). The tensile rig was placed in a humidity chamber 

at 80 °C temperature and 30% relative humidity (deliquescence humidity of the MgCl2 salt). 

Samples have been exposed for 3 months. The corrosion attacks have been characterised 

with the same techniques, after removal of the corrosion products by ultrasonic cleaning in 

2M citric acid solution at 60 °C and fine polishing in colloidal silica. An image of the tensile 

rig with the sample and the applied droplets is shown in Figure 67. 
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Figure 67 - Tensile rig with mini-tensile sample assembled and detail of the MgCl2 droplets.  

4.5.4 Results 

4.5.4.1 Materials 

An EBSD phase map representative of the weld microstructure is shown in Figure 68. 

Typical features of DSS welds are visible, with the progressive change in morphology from 

the base metal approaching the fusion line (high temperature heat affected zone), followed 

by a completely different microstructure in the weld. The presence of sigma- and chi- 

phases was excluded in this region (i.e. these phases were not indexed by EBSD).  
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Figure 68 - Austenite and ferrite morphology in the weld, HAZ and base metal. EBSD phase map.  

4.5.4.2 Atmospheric Corrosion 

(i) Parent Material 

 The main constituent phases in the parent material were affected differently by the 

atmospheric exposure. Under the chlorides bearing deposit, corrosion in the ferrite 

occurred in the form of selective dissolution, which was confined by the adjacent austenite 

grains. In the austenite there was no evidence of uniform corrosion, while cracks were 

noticed on the surface. Cracks opened and progressed in direction perpendicular to the 

applied strain, as shown in Figure 69. 
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Figure 69 - Corrosion under the salt deposit in the base metal. Strain axis horizontal to the picture. 

 

The initiation stage of the cracks in austenite was visible in some regions of the corrosion 

attack. Cracks initiated preferentially at the phase boundaries with ferritic grains where 

selective dissolution of this phase had occurred. A detail of crack initiation is shown in 

Figure 70. 

 

Figure 70 - Anodic dissolution of ferrite and crack initiation in austenite in the base metal. 
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The EBSD characterization of the crystallographic character of the cracks in austenite 

revealed both intergranular and transgranular cracks in this phase, suggesting a mixed-

mode failure. An example is shown in Figure 71. 

 

Figure 71 - Selective dissolution of ferrite and cracks in austenite in the base metal. IPF-Z grains map showing 

the mixed-mode nature of the cracks in austenite. Strain axis horizontal to the picture. 

(ii) WELD 

The droplet placed on the weld and heat affected zone of the sample caused significant 

corrosion attack in the weld rather than in the heat affected zone – most likely caused by 

misalignment in the experimental setup. A sketch of the area covered by the droplet with 

respect to the sample etched macrograph is shown in Figure 72. 
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Figure 72 - Location of corrosion attack and salt-laden deposit (droplet) with respect to the weld microstructure. 

Strain axis horizontal to the picture. 

Selective dissolution of the ferrite and cracks in austenite were the types of attack found 

also in this region. Similarly to what observed in the base metal, cracks perpendicular to the 

stress direction were found in the austenite plates elongated in the direction of the applied 

stress – an example is shown in Figure 73. Also in this case, ferrite dissolution was observed 

in the neighbouring regions. 

 

Figure 73 - Selective dissolution of ferrite and crack and cracks in austenite perpendicular to the strain direction 

.Strain axis horizontal to the picture. 

In the weld metal, austenite is distributed homogeneously in all directions and it is possible 

to distinguish also grains with the longest dimension opposing the strain direction. Cracking 

in these plates did not occur, likely due to the unfavourable geometry. However, a different 
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morphology of ferrite dissolution was noticed at the phase boundaries of these grains – an 

example is shown in Figure 74. 

 

Figure 74 – Progression of selective dissolution attack in austenite following sharply the phase boundaries. 

Strain axis horizontal to the picture. 

In these regions, the austenite plates are oriented in a way that results in significant tensile 

stress component normal to the phase boundaries. Under these conditions, the anodic 

dissolution of ferrite followed sharply the phase boundaries with austenite, rather than 

progressing uniformly in all directions. A details of the corrosion attack progression is 

shown in Figure 75, where the EBSD phase maps of the region confirms the preferential 

dissolution of ferrite at the phase boundary rather than in the adjacent ferritic grains. 
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Figure 75 - Anodic dissolution of ferrite following the austenite:ferrite phase boundary. Strain axis horizontal to 

the picture. 

4.5.5 Discussion 

The anodic or cathodic character of DSS constituent phases is a property determined by the 

environment in which they are exposed[10]. In concentrated acidic and near-neutral 

chlorides rich solutions, ferrite assumes anodic behaviour with respect to the austenite and 

selective dissolution of the ferritic phase is routinely observed under chloride salts deposits 

in evaporative conditions [3,9,11,12]. In these environments, selective dissolution of ferrite 

can act as a precursor and participate in the initiation and progression of cracks through 

this phase [3,8]. In this work, the morphology of the ferrite dissolution under MgCl2 

deposits under atmospheric exposure at the salt deliquescence humidity has been 

investigated in the base metal and in the high-temperature heat affected zone of a TIG 

welded duplex steel.  

In the base metal, ferrite dissolution was the predominant corrosion mechanism observed, 

consistent with the anodic behaviour of the phase expected in these conditions. The cracks 

found in austenite initiated at the phase boundaries with areas of dissolved ferrite. The 

concentration of the anodic activity in the ferrite phase, due to the different nobility of the 

two phases, suggests that the formation of cracks in austenite is unlikely occur 
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simultaneously. Crack initiation in austenite is more likely a secondary effect, possibly aided 

by the replacement of the ferrite on the adjacent surface with corrosion products, altering 

locally the austenite:ferrite galvanic cell. 

The corrosion attack in the weld developed following the same principles, with areas of 

corroded ferrite surrounding the grains of reformed austenite. The morphology of the 

ferrite dissolution, however, highlighted a strong dependence on the austenite 

morphology. The ferrite surrounding austenite plates elongated in direction (close to-) 

normal to the strain direction, in particular, showed propensity for the anodic dissolution 

to follow the phase boundaries and form narrow region of preferential corrosion.  

This can be explained combining mechanical and electrochemical observations. When 

duplex microstructure are subjected to macroscopic strain, the load is shared differently by 

the two phases due to their different mechanical and crystallographic properties. As a 

result, heterogeneous strain field develop at the phase boundaries [13], which can act as 

regions of stress intensification and potentially enhance the rate of anodic dissolution 

[14,15]. Macroscopic deformation cause also the rupture and reformation of the passive 

film on the surface. The quality of the passive film reformed on strained DSS2205 grade 

offers lower corrosion resistance in acidic chlorides-rich electrolytes [16], with the 

difference in galvanic activity between the two phases also decreasing [17,18] . The 

combination of localised stress and deteriorated passive film quality in this region is 

consistent with the enhanced dissolution observed. 

Grain boundary austenite has been shown by other authors to be a preferred path for 

stress corrosion cracking [8]. Grain boundary austenite forms in the heat affected zone and 

surrounds ferritic grains, forming path of thin austenite plates in all directions. The 

combination of stress direction and anodic activity can help explaining why the GBA phase 

boundaries show enhanced susceptibility. 
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4.5.6 Conclusions 

• Austenite distribution has a significant role in defining the morphology of selective 

dissolution in ferrite; 

• The combination of austenite morphology and stress direction showed increased 

corrosion rate of the ferrite surrounding the phase boundaries of austenite 

plates subjected to tensile stress components; 

• The combined effect of stress and microstructure inhomogeneity, suggests that 

austenite:ferrite boundaries in this geometry becomes preferential path for 

corrosion attacks progression; 

• The role of ferrite dissolution as a precursor to stress corrosion cracks formation 

suggest that the austenite morphology could play a significant role in SCC 

progression in the HAZ; 
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5 SUMMARY AND CONCLUSIONS 

The work presented in this thesis has been designed with the aim to increase the 

understanding of the relationships between welding heat input, microstructure 

morphology and EAC resistance of duplex stainless steel 2205 welds. The work followed 

two directions, with fundamental properties of the weld studied on simulated HAZs and the 

performance testing carried out on a real-scale multipass weld. Together, the chapters 

provide an overview of the microstructure evolution in welding and corrosion resistance of 

different austenite morphologies, with particular attention to SCC and Hydrogen 

Embrittlement.  

The first part of the project focused on the manufacturing and the characterization of a 

reference weld. The material was used as a microstructure of reference and for all 

corrosion testing (manuscripts 3 and 4), where hydrogen embrittlement and selective 

ferrite dissolution have been investigated. In a second part, GLEEBLE simulated heat 

affected zones were used,offering the possibility to look at fundamental properties of HAZs 

produced with great control of the thermal history applied. A significant finding obtained 

using these microstructures – presented in Manuscript 2 – is the reduction in galvanic 

activity between austenite and ferrite in the HAZ. This forms a significant contribution to 

the electrochemical theory of stress corrosion cracking in duplex stainless steel and can, in 

part, explain why weldments with acceptable austenite content are still more susceptible 

to cracking in this regions. Owing to the homogeneity of the microstructures produced with 

the GLEEBLE simulator, the characterization of the electrochemical properties is not 

influenced by local variation of microstructure morphology within the investigated areas 

and the theory behind the results can be generalized. 
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The types of microstructure morphologies defined on the simulated microstructures in 

manuscript 1 were investigated in the context of hydrogen assisted cracking (HAC) on a 

real-scale weld in manuscript 3. This part of the project was developed using an extensive 

combination of test methods and characterization techniques. Findings showed the inferior 

HAC resistance of grain boundary austenite (GBA) with respect to coarser austenite islands. 

Considering these findings with GBA route of formation (manuscript 1), it seems that higher 

heat inputs would have preventative effects on HAC susceptibility. Sensitization by 

chromium (II) nitrides, however, is a threat that needs also to be considered in designing 

the welding procedure.  

The early stages of atmospheric induced stress corrosion cracking have been investigated 

on a real-scale weld in manuscript 4. This part of the thesis presents a discussion on the 

synergic effects of stress and microstructure on the ferrite selective dissolution, which is 

often a precursor to AI-SCC cracks formation under the crevices formed by salt deposits. A 

direct correlation with the austenite morphologies described in manuscript 1 was not 

possible in this case but the manuscript forms a basis to explain the propensity of GBA 

phase boundaries to become cracking path found in literature. The main objective of this 

work was to provide an original observation of different microstructural features involved 

in the EAC of duplex stainless steel weldments. The outcome of this work, as a result, is an 

organized morphological description of austenite behaviour in different types of corrosion. 

In order to provide a comprehensive observation, different corrosion mechanisms and 

different characterization techniques have been used in the same project. As a result, this 

thesis offers an observation of the same microstructural descriptors in different contexts, 

providing a “big picture” of the relationship between welding, austenite morphology and 

corrosion resistance. 
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The breadth of the topic investigated resulted in a lack of statistical confirmation of the 

observations formulated. While this is an evident limitation of the thesis, the work carried 

out showed the potential for new research topics in the DSS welding, which was made 

possible by observing the multiple aspects of the EAC-microstructure relationship at the 

same time. 

The results offer a promising indication that GBA is to some extent less protective than 

coarse austenite plates, suggesting possibly that this form of austenite – despite 

maintaining cathodic character with respect to the ferrite - should be accounted for 

differently in weld qualifications. In the case of hydrogen embrittlement attacks in the HAZ, 

the resistance to the crack path offered by this form of austenite is almost negligible. With 

respect to AI-SCC, only the role of austenite in ferrite selective dissolution – as a precursor 

to cracking – was investigated, showing that phase boundaries have the potential to act as 

pre-formed paths for cracking. Also in this regard, GBA is potentially detrimental due to its 

formation surrounding ferritic grains in all directions, including normal to tensile residual or 

external stresses.The main conclusions can be summarized as: 

- Small heat inputs result in heat affected zone containing higher fractions of grain 

boundary austenite; 

- GBA showed limited resistance to hydrogen assisted cracking attacks of the heat 

affected zone; 

- Large heat inputs, which promote smaller fractions of GBA, are associated with 

precipitation of chromium(II) nitrides, limiting the choice of cooling times 

allowable; 

- The galvanic activity between the two phases of a duplex steel is markedly reduced 

in the HAZ of the weld. This is inherently detrimental to stress corrosion cracking, 
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due to the reduction of the driving force for galvanic protection of one phase over 

the other; 

- The presence of GBA or, in general, of elongated austenite plates has a potential to 

offer preferred cracking paths, due to the stress-assisted enhanced ferrite 

dissolution following the phase boundaries; 
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-  

6 FUTURE WORKS 

The overarching aim of the project was to improve the knowledge of how the welding 

process causes reduced EAC resistance in the heat affected zone of weldments. The 

research followed two main directions. Initially, fundamental properties of the heat 

affected zones have been studied using simulated microstructures. In a second part of the 

project, the behaviour of austenite morphologies in different types of corrosion attacks has 

been investigated. 

The breadth of the field investigated with this research presents the opportunity to use 

some of the findings as foundation for future studies, given the opportunity to continue 

with this research. In particular, the following ways to expand the project have been 

identified. 

(i) Further parameters affecting austenite evolution in the HAZ could be investigated. 

In particular, the effects of tensile/compressive stress - reproducing the thermal stress in a 

real weld HAZ – on the dynamic recrystallization of austenite during cooling should be 

investigated. This would constitute a significant addition to the description of the austenite 

morphology evolution in the HAZ. 

(ii)  The investigation on the effects of welding on the internal galvanic activity of the 

duplex alloy showed a clear reduction, confirmed with different techniques. A significant 

addition to the topic would be constituted by performing the same electrochemical 

characterization on different regions of an actual weld, in order to confirm the importance 

of the results for practical welds. 



174 

 
 

 

(iii)  The hydrogen assisted cracking study proposed in this thesis shows interesting 

indications on how the austenite morphology plays a relevant role in the weld HAC 

resistance. However, the hydrogen charging conditions used were significantly harsher 

than the the ones normally encountered in applications where cathodic protection is used. 

It would be potentially interesting to compare the cracking path found in this work with 

cracks promoted at more moderate overprotection potential in order to verify that the 

mild opposition to cracking provided by GBA is confirmed at lower disoolved hydrogen 

densities. In addition, the effcts of the strain rate have not been included in this project; an 

additional compariston with more conventional SSRTs test at the cathodic protection 

potential routinely used to assess and rank alloys HAC resistance could benefit the 

discussion. 

(iv)  The assessment of the AI-SCC resistance performed on the reference weld did not 

allow to visualize directly the role of grain boundary austenite in stress corrosion cracks 

progression. Due to time limitation, it was not possible to vary the exposure condition or to 

perform FIB cross sectioning in order to look at the ferrite dissolution below the surface. 

Further, the exposure to salt-laden deposits within a realistic time-scale promotes cracks 

only in the near surface. A significant addition would be the SCC testing of the welds, both 

real and simulated, in environments producing more severe attacks – such as boiling salt 

solutions combined with testile strain. This would help to expand the understanding of the 

role of austenite:ferrite phase boundaries in stress corrosion cracks progression in 

macroscopic SCC cracks. 
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8 APPENDIX 

 

8.1 CONFERENCE PAPER -ASSESSMENT OF MICROSTRUCTURE SUSCEPTIBILITY TO 

HYDROGEN EMBRITTLEMENT OF TIG WELDED GRADE 2205 DUPLEX STAINLESS 

STEEL (EUROCORR 2016) 

 

P. Reccagnia, C. Örneka, Q. Lub, M. F. Gittosb, D.L. Engelberga 

aCorrosion and Protection Centre, School of Materials, The University of Manchester, 

Sackville Street, Manchester, M13 9PL, United Kingdom 

bTWI Ltd, Granta Park, Great Abington, Cambridge CB21 6AL, United Kingdom 

 

 

Abstract: The effects of hydrogen ingress on changes in the near-surface microstructure of 

a grade 2205 TIG weld have been investigated. Microstructural changes have been 

observed after cathodic hydrogen charging using SEM imaging, in both the parent material 

and the weld region. The austenite showed the development of slip bands, whereas 

regions of discrete microstructure contrast were observed in the ferrite. Extended cathodic 

charging of strained grade 2205 samples seemed to promote the development of 

microstructure features in the ferrite resulting in discrete microstructure protrusions. 
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These protrusions also seemed to be associated with local crack initiation sites in the weld 

region.  

 

 

Keywords: 2205, Duplex Stainless Steel, Hydrogen-embrittlement, TIG welding. 
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8.2 INTRODUCTION 

Duplex stainless steel (DSS) grade 2205 are widely used in the energy sector because of 

their high strength and excellent corrosion resistance. Their outstanding resistance to 

Environment-Assisted Cracking (EAC) is a result of the dual phase microstructure, typically 

containing a balanced ratio of austenite (γ) and ferrite (δ). In particular, their resistance to 

Hydrogen Embrittlement (HE) makes them a viable choice for subsea application, where 

cathodic protection systems (CP) are often applied. Improper welding can alter the phase 

balance and produce tertiary phases and precipitates, for example, sigma-, chi-phase, and 

chromium nitrides (Cr2N, CrN). The microstructure morphology in a weld also shows great 

differences compared to the parent material as a result of the thermal history.  

Hydrogen diffusion in DSS is complicated, due to apparent properties of the dual phase 

microstructure. The ferritic phase shows high diffusion rate and low solubility, whereas 

diffusion in austenite is slower and the solubility greater[76,136]. The phase boundaries act 

either as fast diffusion pathways or trapping sites for hydrogen, with the latter due to their 

high binding energy [72]. As a result, the hydrogen uptake of DSS is dependent not only on 

the phase balance but also on the microstructure morphology. 

The objective of this work is to investigate the effects of hydrogen on microstructure 

behaviour, aiming to identify whether microstructural changes can give information on the 

onset of hydrogen induced cracking (HIC) in DSS welds. The effect of hydrogen cathodic 

charging on a TIG welded grade 2205 DSS will be investigated. Miniature-tensile sample 

machined from a pipe girth-weld have been used to expose the welded microstructure to 

the cathodic charging environment, with the aim to observe differences in microstructure 

performance. 
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8.3 EXPERIMENTAL 

Two pipe sections (9.2 mm thickness, 406 mm diameter) have been joined with a TIG multi-

pass girth weld. The parent material and the filler material used for welding were both DSS 

grade 2205 with pure Argon used as shielding and backing gas. Miniature tensile samples 

containing the parent material, the heat affected zone (HAZ), and the weld have been EDM 

machined across the weld, shown in Figure 76. 

 

Figure 76 - Sketch of miniature tensile samples machined from the welded pipe. 

The tensile sample surface was prepared by grinding to 4000 grit, followed by a diamond 

polish to 0.25 μm finish, and a fine polishing with colloidal silica. The microstructure was 

characterized in a FEI Quanta650 and FEI Quanta200 FEG-SEM (Field Emission Gun - 

Scanning Electron Microscope).  

Hydrogen electrolytic charging of a miniature tensile sample has been carried out to 

introduce hydrogen into the near-surface microstructure. A current density of 20 mA/cm2, 

generated with an ACM Instruments galvanostat in a 0.1M H2SO4 electrolyte at room 

temperature was used for all experiments. The cathodic charging was paused after 2 and 6 

hrs, the sample removed form the charging electrolyte and the surface imaged in the FEI 

Quanta 200 SEM. Phase identification was based on chemical element partitioning 
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measured with Energy-Dispersive X-ray (EDX) spectroscopy. Ferrite contained more ferrite 

forming elements (Cr, Mo), whereas austenite contained more austenite formers (Ni, Mn, 

N). 

The effect of applied strain during charging of a tensile sample was also investigated, using 

a screw-loaded direct tension rig, with the total strain estimated by means of measuring 

the elongation of the gauge via optical micrographs acquired before and after tightening 

the screw. A total strain of 4% was applied. The gauge was then exposed to cathodic 

charging for 24 hrs using the same parameters as listed above. The sample was then 

unloaded, removed from the rig, and the surface imaged in the FEI Quanta 650 SEM. 

8.4 RESULTS 

The development of the grade 2205 parent microstructure response to the interrupted 

charging cycle after 2 and 6 hrs of cathodic exposure are shown in Figure 77. In the 

austenite, the hydrogen uptake has promoted the formation of slip bands. In the ferrite, 

needle-like features with a white contrast started to appear after 2hrs, which became more 

apparent after 6 hrs of charging. The same trend was also observed in the austenite 

regions, with more distinctive slip band contrast visible after 6 hrs of charging. A qualitative 

observation of the surface suggests that the amount of both features increased with 

hydrogen charging time, hence with the hydrogen content in the microstructure. 
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Figure 77 - Hydrogen induced changes in the near surface microstructure (left) after 2 hours and (right) after 6 

hours of cathodic charging. 

The effect of applied strain and longer exposure to cathodic hydrogen charging resulted in 

the formation of discrete microstructural changes, both in the parent material and inside 

the weld as shown in Figure 78. The applied strain promoted the development of local 

protrusions on the ferrite, which seemed to follow some sort of crystallographic 

relationships with ferrite grain orientations. These features were observed both in the 

parent material and in the weld. Interestingly, in the weld region the first signs of local 

decohesion located adjacent to these features were observed. 

The ability of hydrogen to reduce the shear stress required for the activation of slip 

systems[84], in conjunction with 4% plastic strain applied, resulted in the presence of slip 

bands in the austenite. This effect was seen both in the weld and in the parent material. 

However, there was no sign of cracking or decohesion in the austenite. 
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Figure 78 - Microstructural changes after 24 hours hydrogen charging under 4% applied strain. Parent material 

(left) and weld region (right). 

8.5 DISCUSSION 

Hydrogen induced microstructural changes have been reported in the literature by several 

groups [84,85,137]In austenite, the activation of new slip systems and the transformation 

in martensite have been described. In ferrite, the formation of twins has been suggested as 

a possible explanation for the needle-like microstructure relieves observed [85] However, 

the role of these changes in crack nucleation and propagation is not clear. HIC is known to 

affect mainly the ferrite [137], where hydrogen is less soluble.  

Microstructural changes observed in the ferrite seem to promote local crack nucleation 

events. The distribution of the observed protrusions - see Figure 79 - suggests a strong 

crystallographic relationship with the parent ferrite grains. This relationship is far more 

evident inside the weld, where the ferrite grains are larger, as shown in Figure 4. The 

applied strain and longer charging interval resulted in larger protrusions. The sample 

without applied strain, shown in Figure 2, indicates that for the initial formation of these 

features the presence of applied strain is not necessary. Microstructural changes in the 

austenite, where the hydrogen solubility is higher, showed the activation of slip systems in 
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samples strained and without applied strain. However, it was not possible to identify the 

formation of any martensite lathe under the conditions used in this work.  

The reported work is part of a larger effort to identify the role of duplex stainless steel 

microstructure in environmentally assisted cracking (EAC) with exposure to extreme 

environments. 

 

Figure 79 - Protrusions observed in the ferrite inside the weld. The network of grain boundary austenite (GBA) 

delimiting the ferritic grain is shown in the picture on the left. On the right, higher magnification image of a 

ferrite grain (square area in left image), highlighting the presence of a crystallographic relationship of these 

protrusions 

8.6 CONCLUSIONS 

• Cathodic hydrogen charging of DSS 2205 induced near-surface microstructure 

changes in both austenite and ferrite, with austenite resulting in the formation of slip 

bands, whereas the ferrite showed the formation of discrete protrusions. 

• The application of strain and longer cathodic charging exposure promoted the 

development of discrete microstructure protrusions in the ferrite, indicating a 

crystallographic relationship to parent grain orientations, in both the weld region and 

parent material. 
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• In the weld, cracks associated with these features have been found, suggesting 

local decohesion reactions associated with these protrusions.  

 


