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Abstract 

Bulk metallic glasses (BMGs) are known to have various advantageous chemical and 

physical properties. However, the condition of producing BMGs is critical. From a melt to 

congealing into a glass, the nucleation and growth of crystals has to be suppressed, which 

requires a fast removal of the heat. Such high cooling rates inevitably confine the casting 

dimensions (so-called critical casting thickness). To overcome this shortcoming, additive 

manufacturing proves to be an interesting method for fabricating metastable alloys, such as bulk 

metallic glasses.  

Selective laser melting (SLM), one widely used additive manufacturing technique, is based 

on locally melting powder deposited on the powder bed layer by layer. During the SLM process, 

the interaction between laser beam and alloys is completed with a high energy density (105 - 

107 W/cm2) in very short duration (10-3 - 10-2 s), which results in a high cooling rate (103 - 108 

K/s). Such high cooling rates favour vitrification and to date, various glass-forming alloys have 

been prepared. The approach to prepare bulk metallic glasses (BMGs) by SLM bears the 

indisputable advantage that the size of the additively manufactured glassy components can 

exceed the typical dimensions of cast bulk metallic glasses. Simultaneously, also delicate and 

complex geometries can be obtained, which are otherwise inaccessible to conventional melt 

quenching techniques. By using such advantages of SLM, Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 (at.%) 

and Zr52.5Cu17.9Ni14.6Al10Ti5 (at.%) BMGs have been successfully fabricated via SLM in the 

current work. The SLM process yields material with very few and small defects (pores or 

cracks) while the conditions still have to render possible vitrification of the molten pool. This 

confines the processing window of the fully amorphous SLM samples. By additively 

manufacturing different BMG systems, it is revealed that the non-linear interrelation is 

differently pronounced for varied compositions. The only way to obtain glassy and dense 

products is optimizing all the process parameters. However, it is difficult to obtain fully dense 

sample (100%). The relative density of the additively manufactured BMGs can reach 98.5% 

(Archimedean method) in current work. The residual porosity acts as structural heterogeneities 

in the additively manufactured BMGs.   

The structures of BMGs are sensitive to the thermal history, i.e. to the cooling rate and to the 

thermal treatment. During SLM process, the laser beam not only melts the topmost powder, but 

also the adjacent already solidified parts. Such complicated thermal history may lead to locally 

more/less relaxed structure of the additively manufactured BMGs. Thus, systematic and 

extensive calorimetric measurements and nanoindentation tests were carried out to detect these 
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structural heterogeneities. The relaxation enthalpies, which can reveal the free volume content 

and average atomic packing density in the additively manufactured BMGs are much higher than 

that in the as-cast samples, indicating an insufficient duration for structural relaxation. The 

nanoindentation tests indicate that the structure of additively manufactured BMG is more 

heterogeneous than that of as-cast sample. Nevertheless, no obvious heat-affected zone which 

corresponds to the more/less relaxed structure is visible in the hardness map. In order to reveal 

the origin of such heterogeneity, the thermal field of the additively manufactured BMGs was 

simulated via finite volume method (FVM). Owing to the different process parameters and 

varied thermophysical properties of Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 and Zr52.5Cu17.9Ni14.6Al10Ti5 

BMGs, the heat-affected zone (HAZ) is differently pronounced, resulting in the varied 

heterogeneities of both additively manufactured BMGs. 

Afterwards, the physical and chemical properties of the additively manufactured BMGs were 

systematically studied. The additively manufactured BMGs tend to fail in a premature manner. 

The heterogeneities (defects, crystalline phases and relaxed/rejuvenated regions) can determine 

the mechanical and chemical properties of the BMGs. In the current work, the additively 

manufactured BMGs are fully amorphous. Thus, the effects of crystalline phases can be ruled 

out. The effect of residual porosity and more/less relaxed state on the deformation of additively 

manufactured and as-cast BMGs has been studied. The analysis of the observed serrations 

during compressive loading implies that the shear-band dynamics in the additively 

manufactured samples distinctly differ from those of the as-cast glass. This phenomenon 

appears to originate from the presence of uniformly dispersed spherical pores as well as from 

the more pronounced heterogeneity of the glass itself as revealed by instrumented indentation. 

Despite these heterogeneities, the shear bands are straight and form in the plane of maximum 

shear stress. Additive manufacturing, hence, might not only allow for producing large BMG 

samples with complex geometries but also to manipulate their deformation behaviour through 

tailoring porosity and microstructural heterogeneity. Different from the compressive tests, the 

heterogeneities of additively manufactured BMGs have no significant effect on the tribological 

and corrosion properties. The similar specific wear rate and the worn surfaces demonstrate that 

similar wear mechanisms are active in the additively manufactured and the as-cast samples. The 

same holds for the corrosion tests. The anodic polarization curves of SLM samples and as-cast 

samples illustrate a similar corrosion behaviour. However, the SLM samples have a slightly 

reduced susceptibility to pitting corrosion and reveal an improved surface healing ability, which 

might be attributed to an improved chemical homogeneity of the additively manufactured 

BMGs. 
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In order to improve plasticity, bulk metallic glasses composites (BMGCs) have been 

developed, in which crystals precipitate in a glassy matrix. The crystalline phases can alter the 

local stress state under loading, thereby, impacting the initiation and propagation of the shear 

bands. However, it is difficult to control the crystalline volume fraction as well as the size and 

spacing between the crystals by using the traditional melt-quenching method. One approach is 

to mix glass-forming powder with conventional alloy powder. In this way, a large degree of 

freedom for designing the microstructure can be gained. Thus, SLM was chosen to prepare such 

“ideal” BMGCs in the present work. The β-phase stabilizer Nb powder was mixed with 

Zr52.5Cu17.9Ni14.6Al10Ti5 powder. After SLM processing, the irregular-shaped Nb particles are 

distributed uniformly within the glassy matrix and bond well to it. At the higher Nb content, 

diffusion of Nb during processing locally deteriorates the glass-forming ability of the matrix 

and results in the formation of several brittle intermetallic phases around the Nb particles. The 

size of these precipitates covers a wide range from nanometres to micrometres. Despite the fact 

that the soft Nb particles increase the heterogeneity of the glassy matrix, none of the samples 

deforms plastically. This is attributed to the network-like distribution of the intermetallic phases, 

which strongly affects the fracture process. Besides the ex-situ method of mixing powders, 

designing in-situ ductile phases and controlling the fraction of the crystalline phases by altering 

process parameters can also prepare optimized BMGCs. Cu46Zr46Al8 (at.%) was processed via 

SLM to produce in-situ BMGCs. It is revealed that the microstructure of the nearly fully dense 

additively manufactured BMGs is strongly affected by the energy input. By increasing the 

energy input, the amount of the crystalline phases was raised. By optimizing the energy input, 

the B2 CuZr phase was particularly deliberately introduced. Due to the residual porosity and 

brittle phases, no plasticity is visible in the additively manufactured samples. Generally, 

selective laser melting opens a gateway to design the microstructure of the BMG matrix 

composites. 
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Kurzfassung 

Massive metallische Gläser (MMGs) haben zahlreiche vorteilhafte chemische und 

physikalische Eigenschaften. Ihre Herstellung ist jedoch äußerst herausfordernd, da während 

der Schmelzabschreckung, die heutzutage die konventionelle Standardmethode ist, die 

Keimbildung und das Wachstum von Kristallen kinetisch unterdrückt werden muss. Dabei 

muss die Wärmemenge der unterkühlten Schmelze sehr schnell entzogen werden. Dies kann 

nur durch das Aufbringen von hohen Abkühlraten erreicht werden, die aber die erreichbare 

Gußgeometrie (den sogenannten kritischen Gießdurchmesser) einschränken. Um diesen 

prozesstechnologischen Mangel zu überwinden, eignet sich die additive Fertigung als Methode 

zur Herstellung von metastablien Legierungenm wie den massiven metallischen Gläsern.  

Selektives Laserstrahlschmelzen (engl. Selective Laser Melting (SLM)), ist eine weit 

verbreitete pulverbett-basierte additive Fertigungsmethode, bei der eine lokal begrenzte 

Pulvermenge geschmolzen wird, erstarrt und sich dabei mit einem bereits erstarrten Bereich 

vereinigt. Somit wird schichtweise ein Bauteil additiv heregstellt. Während des SLM-Prozesses 

interagiert der Laserstrahl mit dem metallischen Pulver und dabei herrschen hohe 

Energiedichten (105 - 107 W/cm2) innerhalb sehr kurzer Zeitdauern (10-3 - 10-2 s) und 

anschließend sehr hoher Abkühlraten (103 - 108 K/s) vor. Bei solch hohen Abkühlraten wird die 

Glasbildung begünstigt, so dass bisher zahlreiche glasbildende Legierungen mittels SLM 

verarbeitet wurden. Diese Vorgehensweise massive metallische Gläser (MMGs) mittels SLM 

herzustellen, ist sehr vorteilhaft, da somit MMG-Komponenten mit Abmessungen jenseits des 

kritischen Gießdurchmessers der Legierung additiv gefertigt werden können. Diese 

Technologie ermöglicht es aber auch extrem dünne und geometrisch komplizierte MMGs zu 

fertigen, die mittels der konventionellen Schmelzabschreckungsmethode nicht herstellbar sind. 

Im Rahmen dieser Arbeit wurden aus Folgenden Legierungen MMGs erfolgreich mittels 

SLM additiv gefertigt: Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 und Zr52.5Cu17.9Ni14.6Al10Ti5. Der mittels 

SLM hergestellte Werkstoff weist wenige und kleine Defekte, wie beispielsweise Poren und 

Risse, auf und konnte für beide Legierungen vollständig amorph hergestellt werden. Es sollten 

nicht nur möglichst dichte, also fehlerfreie, sondern auch noch amorphe Werkstoffe hergestellt 

werden. Diese zusätzliche Anforderung schränckt das geeignete optimale Prozessfenster weiter 

ein. Durch die additive Fertigung von verschiedenen glassbildenden Legierungen wird gezeigt, 

dass die Dichte des erzeugten Werkstoffs und die Prozessparameter nicht linear miteinander 

zusammenhängen und dieser nicht-lineare Zusammenhang zudem für jede Legierung 

unterschiedlich ausgeprägt ist. Daher müssen alle Prozessparameter einzeln indentifiziert 
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werden, um dichte und amorphe Werkstoffe zu erhalten. Bisher konnte weltweit noch kein 

MMG mit 100%-iger Dichte additiv gefertigt werden. In dieser Arbeit wurden Bauteile mit 

einer relativen Dichte (Archimedesmethode) mit bis zu 98.5% hergestellt werden. Die mit SLM 

in den MMG-Werkstoff eingebrachte Porosität kann als strukturelle Heterogenität verstanden 

werden.  

Das Gefüge von MMGs hängt stark von der thermischen Vorgeschichte ab, wie 

beispielsweise die effektive Abkühlrate und anschließende Wärmebehandlung. Während des 

SLM-Vorganges wird nicht nur die oberste Pulverschicht geschmolzen, sondern auch noch der 

daran angrenzende bereits erstarrte Werkstoff. Solch eine eher komplexe thermische 

Vorgeschichte könnte zu lokal mehr oder weniger relaxierten amorphen Struktur von additiv 

gefertigten MMGs führen. Daher wurden systematische und umfangreiche 

differenzkalorimetrische Messungen und Nanoindetierungsexperimente durchgeführt, die 

strukturellen Heterogenitäten nachzuweisen. Dabei wurden Relaxationsenthalpien, die den 

Gehalt an freiem Volumem, also den Anteil an weniger dicht gepackten amorphen Bereichen, 

qunatifizieren, von additiv gefertigten und Gußwerkstoffen, die als Refrenz dienen, bestimmt. 

Die mittels SLM gefertigten Werkstoffe zeigen deutlich höhere Relaxationsenthalpien auf. Dies 

ist auf die ebenfalls deutlich höheren Abkühlraten und die wenig ausgeprägte strukturelle 

Relaxation zurückzuführen. Die Nanoindentierungsversuche belegen, dass das Gefüge des 

additiv gefertigten MMGs dennoch heterogener als das der Gußreferenz ist. Trotzdem zeigen 

die Härtemappen keine Wärmeeinflusszone (engl. heat-affected zone (HAZ)) zugehörig zu den 

mehr oder weniger relaxierten Gefügebereichen. Um den Ursprung dieser strukturellen 

Heterogenitäten zu ergründen, wurde das Wärmefeld für die beiden Legierungen mittels finite 

Volumenmethode (engl. finite volume method (FVM)) simuliert. Bedingt durch die 

unterschiedlichen Prozessparameter und thermophysikalischen Eigenschaften beider 

glasbildenden Legierungen (Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 und Zr52.5Cu17.9Ni14.6Al10Ti5), ist die 

HAZ unterschiedlich ausgeprägt, so dass die additiv hergestellten MMGs beider Legierungen 

unterschiedlich strukturelle Heterogenität aufweisen. 

Anschließend wurden die physikalischen und chemischen Eigenschaften der additiv 

gefertigten MMGs, die vorzeitig versagen, systematisch untersucht. Dabei können die 

strukturellen Heterogenitäten (Defekte, kristalline Phasenberieche, mehr oder weniger 

relaxierte Bereiche) die mechanischen und chemischen Eigenschaften der MMGs beeinflussen. 

Da in dieser Arbeit vollständig amorphe MMGs additiv hergestellt wurden, können kristalline 

Bereiche als Einflußgrößen ausgeschlossen werden. Auswirkungen der Prosität und relaxierten 

Bereiche wurden untersucht. Eine nähere Analyse der Spannungs-Dehnungskurven und der 
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einzelen Spannungsabfällen während der plastischen Verformung, belegt, dass die 

Scherbanddynamik in den additiv gefertigten MMGs sich von denen der gegoßenen MMGs 

unterscheidet. Dieser Unterschied beruht auf dem Vorhandensein von gleichmäßig verteilten 

sphärischen Poren und von der ausgeprägteren strukturellen Heterogenität der additiv 

gefertigten MMGs wie Nanoindentierungsversuche belegen. Trotz des Vorhandenseins der 

Heterogenitäten, können gerade und nicht abgelenkte Scherbänder, die entlang der maximalen 

Schubaspannugsrichtung verlaufen, in plastisch verformten MMGs beobachtet werden. 

Strukturelle Heterogenitäten haben keinen bedeutsamen Einfluss auf die Verschleiß- und 

Korrosionseigenschaften von additiv gefertigten MMGs. Gleiche spezifische Verschleißraten 

und abgenutzte Oberflächen ziegen, dass gleiche Verschleißmechanismen in additiv gefertigten 

und gegoßenen MMGs aktiv sind. Die Korrosionsversuche belegen ebenso keine Unterschiede 

zwischen additiv gefertigten und gegoßenen MMGs. Die anodischen Polarizationskurven der 

SLM- und Gußproben belegen ein ähnliches Korrosionsverhalten. Nichtsdestotrotz, ziegen die 

SLM-Proben eine leicht geringere Neigung zur Ausbildung von Lochfraßkorrosion und lassen 

somit auf eine verbesserte Oberflächenheilung schließen, die wiederum auf chemisch 

homogenere additiv gefertigte MMGs schließen lässt. 

Eine sehr effektive Weise die plastische Verformbarkeit von MMGs zu verbessern, ist das 

Einbringen von Kristallen in die amorphe Matrix, so dass massive metallische Glas-Matrix-

Komposite (MMKs) entstehen. Unter Belastung werden durch die kristalline Phase lokale 

Spannungszustände verändert, die die Initiierung und Ausbreitung von Scherbändern 

beeinträchtigen. Um ein möglichst effektives Ergebnis zu erzielen, ist die exakte Einstellung 

des Volumenanteils und Größenverteilung der kristallinen Phase wichtig. Im konventionellen 

Schmelzabschreckungsverfahren ist dies nicht möglich. Die additive Fertigung bietet hierzu 

eine vielversprechende Alternative, in dem glasbildendes Pulver mit hochschmelzendem Pulver 

einer anderen Legierung bzw. Elements vermischt wird. Diese Vorgehensweise bietet einen 

hohen Freiheitsgrad das resultierende Gefüge einzustellen, da Volumenanteil und 

Partikelgrößenverteilung genau eingestellt werden können. Daher wurde SLM ausgewählt, um 

damit “ideale” MMKs in dieser Arbeit herzustellen. Als kristalline Phase wurde das b-

stabilisierende Nb-Pulver asugewählt und mit glasbildenden Zr52.5Cu17.9Ni14.6Al10Ti5-Pulver 

vermischt und mittels SLM prozessiert. Die irregulär geformten Nb-Partikel sind dabei 

gleichmäßig innerhalb der amorphen Matrix verteilt und gut mit ihr verbunden. Bei höherem 

Nb-Gehalt, diffundiert es während des SLM-Prozesses in die Matrix und senkt ihre 

Glasbildungsfähigkeit, was die Bildung von mehreren intermetallischen Phasen nach sich zieht, 

die um die Nb-Partikel angeordnet sind. Das Ausmaß der intermetallischen Phasen erstreckt 
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sich von mehreren Nano- bis Mikrometer. Daher ist das resultierende MMK spröde, obwohl 

die Nb-Partikel plastisch verformbar sind. Die intermetallischen Phasen sind innerhalb des 

MMK netzwerkartig angeordnet, so dass wenn Risse entstehen, diese sich leicht durch den 

gesamten Werkstoff ausbreiten können. Außer dieser ex-situ-Methode, die sich durch das 

Mischen des Ausgangspulver auszeichnet, können MMKs mittels SLM auch in-situ hergestellt 

werden. Dabei können duktile kristalline Phasen entstehen, deren Volumenanteil mittels 

veränderten Prozessparametern eingestellt werden kann, um optimierte MMKs herzustellen. 

Um dieses Konzept umzusetzen, wurde die Cu46Zr46Al8 (at.%) glasbildende Legierung mittels 

SLM prozessiert, so dass in-situ MMKs hergestellt werden können. Es werden nahezu 

vollständig dichte Gefüge der in-situ MMKs erzeugt, wobei deren Einstellung sehr stark vom 

Energieeintrag bestimmt wird. Ein höherer Energieeintrag führt zu einem ebenso höheren 

Volumentanteil der kristallinen Phase. Durch eine Optimierung des Energieeintrages, kann die 

duktile B2 CuZr phase in-situ in die Matrix gezielt eingebracht werden. Das resultierende in-

situ MMK ist jedoch spröde, aufgrund der vorhandenen Porosität. Obwohl noch 

Herausforderungen, insbesondere die Minimierung der Porosität, bewältigt werden müssen, 

zeigt diese Arbeit das SLM das Potenzial besitzt das Gefüge von MMKs maßzuschneidern. 
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Symbols and abbreviations 

List of symbols 

Ac the projected contact area of the indenter tip 

d single track width (mm) 

d50 median powder particle diameter (µm) 

DP diameter of powder particles (m) 

E Young’s modulus (GPa) 

EV volume energy density (J/mm3) 

Ecorr corrosion potential (V) 

Epit pitting potential (V) 

ER repassivation potential (V) 

F applied load in wear test (N) 

F0 view factor in FVM simulation 

ΔG free energy 

H Hardness (GPa) 

ΔHcrys crystallization enthalpy (J/g) 

ΔHrelax relaxation enthalpy (J/g) 

ΔHmix mixing enthalpy (kJ/mol) 

h hatch distance (mm) 

icorr corrosion current density (mA/cm2) 

Kw specific wear rate 

L sliding distance (m) 

l layer thickness (mm) 

m Weibull modulus 

N(s) statistical number of stress drop 

P laser power (W) 

Rc critical cooling rate (K/s) 
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IX 

 

s normalized stress drop magnitude 

sc cut-off stress drop 

Tm melting temperature (K) 

Tg glass-transition temperature (K) 

Tx crystallization temperature (K) 

Tl liquidus temperature (K) 

TP temperature of powders (K) 

ΔTx supercooled liquid region (K) 

v scanning velocity (mm/s) 

v Poisson’s ratio 

V loss volume (mm3) 

β scaling exponent 

κg thermal conductivity of the ambient gas (W m−1 K−1) 

κs thermal conductivity of the solid (W m−1 K−1) 

κr radiative heat transfer among powder particles 

τ shear stress (Pa) 

σe Stefan-Boltzmann constant 

ρ(D) local particle density at distance D 

ρ0 average density of the system 

Φ overlapping rate 
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List of abbreviations 

3D three-dimensional 

AM additive manufacturing 

ASTM American Society for Testing and Materials 

bcc body-centred cubic 

BMG bulk metallic glass 

BMGCs bulk metallic glass matrix composites 

BSE back-scattered electron 

CAD computer aided design 

CCT continuous cooling transformation 

COF coefficients of friction 

DSC differential scanning calorimetry 

DMLS direct metal laser sintering 

EBM electron beam melting 

EDS energy-dispersive X-ray spectroscope 

fcc face-centred cubic 

FEM finite element modelling 

FVM finite volume method 

GFA glass-forming ability 

HAZ heat affected zone 

HCRZ high-cooling-rate zone 

HRTEM  high-resolution TEM 

IBA inverse bremsstrahlung absorption 

ICP-OES inductively-coupled plasma-optical emission spectroscopy 

LCRZ low-cooling-rate zone 

MD molecular dynamics 

OCP open circuit potential 

SAED selected area electron diffraction 
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SCE saturated calomel electrode 

SE secondary electron 

SEM scanning electron microscope 

SHS selective heat sintering 

SLM selective laser melting 

SLS selective laser sintering 

SOC self-organized criticality 

STZ shear transformation zone 

TEM transmission electron microscope 

XRD X-ray diffraction 

µ-CT micro-computed tomography 
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Aims and objectives 

Over the past decades, bulk metallic glasses (BMGs) have attracted scientific attention 

because of their desirable properties, such as high yield strength, good toughness, relatively low 

Young’s modulus, outstanding friction and corrosion resistance unmatched by most 

conventional alloys. Some BMG systems have found their way into industrial application. 

However, owing to the required high cooling rates, their critical casting thickness warranting 

amorphicity is limited as is their plastic deformability at room temperature. These aspects still 

constitute some of the major obstacles exacerbating their large-scale use to date. Selective laser 

melting (SLM) is a viable process technology to produce bulk metallic glass (BMG), since high 

cooling rates (103 -108) are effective. During the last few years, Fe-, Al-, and Zr-based BMGs 

have been successfully prepared via SLM. This relatively new fabrication method is capable of 

overcoming the geometrical limitations of BMG-components. 

The advantageous physical properties of BMGs result in a high load-bearing capability and 

can reduce stress-shielding or the formation of wear debris, which is crucial when being used 

as implants. Due to their biocompatibility, Ti and its alloys have been already used in 

biomedical sector for decades and also additively manufactured components have been 

investigated for this field of application. Thus, it appears natural to study the fabrication of Ti-

based BMGs via SLM. In the current work, Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 (at.%) was chosen to 

assess the suitability of Ti-based BMGs for selective laser melting and investigate the effect of 

the processing route on the density and microstructure.  

As mentioned above, some BMG systems have been successfully produced via SLM. 

However, the new challenges arise inherent to the layer-by-layer synthesis, such as the 

heterogeneous structure of additively manufactured BMGs. Thereby, the extent of the structural 

heterogeneities can range from micro- to nanometres, represented by pores, crystals and 

amorphous regions with different atomic packing density. Such heterogeneities can play a 

decisive role on the mechanical properties. The reported additively manufactured BMGs trend 

to fail in a premature manner. The underlying mechanism is still unknown. Only when the 

performance of the bulk metallic glass is not adversely affected by additive manufacturing, can 

selective laser melting of glass-forming alloys be considered a viable route for the production 

of bulk metallic glasses on a larger scale, e.g. for commercial applications. Therefore, 

comprehensive characterization of bulk metallic glasses obtained by SLM combined with a 

direct comparison with as-cast material of the same composition is of paramount importance. 

Zr52.5Cu17.9Ni14.6Al10Ti5 (at.%) was selected to systematically investigate the interrelation 
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between processing conditions and properties. This covers investigation of structural 

heterogeneity, deformation behaviour upon compressive loading and wear as well as corrosion 

properties. In addition, the extent of heterogeneity for Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 and 

Zr52.5Cu17.9Ni14.6Al10Ti5 were compared to study the effect of the thermal history on the 

structure of BMGs.    

Bulk metallic glasses composites (BMGCs) have been developed to enhance the mechanical 

properties. Yet, it is difficult to properly design the structure of BMGCs by using the traditional 

melt quenching method. Using SLM to process the powder mixtures becomes a choice to design 

a desired structure of BMGCs. Thus, two different blends of the Zr52.5Cu17.9Ni14.6Al10Ti5 powder 

and the Nb powder were produced and the processes at the interface investigated with regard 

to the diffusion-dependent microstructural evolution. As-cast samples of both compositions 

were also prepared for comparison and the mechanical properties of all samples were 

determined and compared. The work aims at understanding the metallurgical processes during 

selective laser melting and at correlating them with the materials properties. Apart from adding 

the second phase to synthetize BMGCs, controlling the process parameters of SLM can also 

obtain BMGCs. Thus, a glass-forming Cu46Zr46Al8 (at.%) powder was chosen to fabricate 

BMGCs containing B2 CuZr phase via SLM. The influence of process parameters on structural 

heterogeneities were systematically investigated to reveal the possibility of controlling the 

volume fraction of crystalline phase(s) and their distribution in the deliberately crystallized 

additively manufactured BMGCs. 
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CHAPTER 1 Metallic glasses and selective laser melting  

In the past decades metallic glasses have been prepared via many different processing 

methods, such as vapor deposition [1], mechanical alloying [2], plasma processing [3], spray 

deposition [4] and rapid quenching of the melt [5]. Among these methods, rapid quenching of 

a melt is the most commonly applied [5]. In this chapter, the formation of the metallic glasses 

fabricated by quenching will be discussed first. Afterwards, the mechanical properties and the 

corrosion behaviour, as well as the underlying mechanisms of metallic glasses are addressed. 

Finally, a relatively recent approach for producing metallic glasses, selective laser melting, will 

be introduced. 

1.1 Formation of metallic glasses from the melt 

Metallic glasses can be generally formed by suppressing nucleation and growth of crystals 

during cooling of a melt [6-8]. Consequently, vitrification competes with the precipitation of 

crystals [6-9]. Fig. 1.1 schematically depicts the changes of given system properties (volume or 

entropy) as a function of temperature. As the liquid is cooled, its volume or entropy decreases 

continuously until reaching the melting point (Tm). Whether the melt crystallizes or is 

supercooled instead, then depends on the cooling rate and the alloy composition. As shown in 

Fig. 1.1, when crystallization (a first-order phase transformation [10, 11]) sets in, the volume 

of the system is reduced abruptly because of the high atomic packing density in the crystalline 

state. In the case crystallization is suppressed, the liquid becomes gradually supercooled and 

volume or entropy continue to be lowered steadily. On supercooling the viscosity of the system 

increases dramatically [7, 12] and atomic movements become more difficult and sluggish. 

Below a certain temperature, the glass-transition temperature, Tg, the supercooled liquid 

eventually “freezes” and transforms into the glassy state [7, 12]. This transition is of kinetic 

rather than thermodynamic nature [7, 12]. 

The so-called “free-volume” concept has been developed in order to explain the observed 

viscous behaviour at the glass transition [13-15]. Free volume is defined as part of the system 

volume, which can form voids without energy cost and, consequently, enables atomic 

movements [14]. When the temperature of the supercooled liquid decreases, structural 

relaxation usually annihilates free volume and increases the atomic packing density (Fig. 1.1). 

As shown in Fig. 1.1, the cooling rate has a strong effect on the transition from the supercooled 

liquid to the glass. With the decrease of the cooling rate, Tg occurs at lower temperatures (Tg.1, 

Tg.2). In other words, depending on the thermal history, the glass transition occurs within a 
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temperature range and there are several ways to determine the glass-transition temperature (Tg) 

[7, 12]. In order to avoid the intrinsic difficulties in determining Tg, the glass-transition 

temperature is defined as the temperature at which the system reaches a viscosity of 1012 Pa s 

[7, 12].  

When the cooling rate is high leading to a higher Tg (Tg.2 in Fig. 1.1), the system traps more 

free volume. As shown in Fig. 1.1 (red dash line), when the BMGs are annealed, the free volume 

is annihilated. This structural relaxation can be detected by isochronal calorimetric 

measurements for example and reflects in the enthalpy of relaxation. The amount of free volume 

in the glass has an impact on the plasticity of metallic glasses. The underlying mechanism will 

be discussed in the section 1.2.2.  

 

Figure 1.1: Change of volume or entropy as a function of temperature and cooling rate. Tm is 

the thermodynamic melting point. On increasing the cooling rate, the glass transition occurs 

earlier. Adapted from [16].  

 

    During solidification, the driving force for crystallization is given by the difference of the 

free energy between supercooled liquid and the crystal, ΔG [8, 17]. ΔG rises with supercooling 

and represents the thermodynamic aspect of crystallization/vitrification [8]. As mentioned 

above, the crystallization process is also strongly influenced by the viscosity of the system. 

During undercooling, atomic movements are hampered, which can even suppress the formation 

and growth of nuclei [8]. This constitutes the kinetic aspect of solidification. The interplay of 

thermodynamics and kinetics for crystallization of supercooled liquid result in the typical 
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continuous cooling transformation (CCT) curves shown in Fig. 1.2, in which the solid-liquid 

boundary has a nose-like shape [17]. If the alloy system has a high glass-forming ability (GFA), 

the nose is located more to the right-hand side (i.e. towards larger times).  

The minimum cooling rate to suppress crystallization and to form metallic glasses instead is 

defined as critical cooling rate (Rc), which is the slope of the curve in Fig. 1.2. Rc is largely 

determined by the alloy composition and can range between 10-2 K/s and 106 K/s [18-21]. A 

lower Rc means a larger critical casting thickness for metallic glasses [8, 22, 23].  

 

Figure 1.2: A schematic continuous cooling transformation (CCT) diagram demonstrating the 

conditions for glass formation on quenching of the melt. Rc represents the critical cooling rate. 

Adapted from [17]. 

 

After the Au-Si alloy [24] has been produced as amorphous structure by a method called gun 

technique [25], the different routes to fabricate metallic glasses have been widely studied. 

Melting spinning [26], flux melting [20], water quenching [27], high-pressure die casting [28], 

Cu mould casting [29, 30], cap-casting [31], suction/injection casting [32], squeeze casting [33], 

unidirectional zone melting [34], electromagnetic vibration process [35] and  thermoplastic 

forming in combination with granulation [36] have been developed for synthesizing metallic 

glasses.  

Moreover, in order to increase the dimensions of metallic glass samples, a large number of 

different glass-forming systems have been developed over the past decades [20, 37-39]. 

Especially after Inoue et al. have successfully prepared centimetre-scaled bulk metallic glasses 
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(BMGs) [27]. However, despite all recent advances the typical size of glassy alloys is still 

limited due to the fact that the heat has to be extracted quickly from the system on cooling. A 

technique, which allows for producing BMGs without size limitation and which, moreover, 

enables the fabrication of BMGs with complex geometry, is needed. Additive manufacturing, a 

relatively new approach, which is widely used to produce conventional crystalline alloys, bears 

the potential to solve these problems. The fabrication of BMGs via additive manufacturing will 

be discussed in the section 1.5. 

1.2 Mechanical properties of BMGs and their composites  

To evaluate the application potential of materials, the mechanical properties usually play a 

decisive role. Owing to their unique structure [40-42], BMGs have advantageous mechanical 

properties, such as high yield strength, low Young’s modulus, high hardness and good wear 

resistance [17, 43-46]. However, BMGs have not been widely used as structural materials so 

far because of their inherent brittleness in tension [44-46]. In this section, the mechanical 

properties of BMGs and their composites are briefly discussed. 

1.2.1 Shear banding in metallic glasses  

Since the first study on mechanical behaviour of Pd-Si metallic glasses has been reported 

[47], the mechanical properties of BMGs have drawn a lot of attention in the academic field 

[46]. Unlike conventional crystalline alloys, BMGs approach the theoretical limit for strength 

[18, 48]. When BMGs are loaded, they usually undergo elastic deformation, then fail or deform 

plastically in compression or bending at room temperature [49].  

Plastic deformation is highly localized in shear bands [48-52]. Shear band initiation and 

propagation are the critical steps during plastic flow of metallic glasses [49]. The first stage of 

shear localization in metallic glasses is the activation of so-called shear transformation zones 

(STZs) [49, 53]. Small clusters of atoms reorganize spontaneously and cooperatively under 

loading and form a shear transformation zone (STZ) [52, 54]. STZs preferentially form in the 

regions with a higher free volume content or, equivalently, more pronounced structural disorder 

[49, 53]. Such structurally heterogeneous regions are generally considered to be fertile sites for 

shear transformations [49].  
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Figure 1.3: Structural variations in the molecular dynamics (MD) simulated notched metallic 

glass during the early stages of shear banding (a) Overall evolution of the atomic von Mises 

strain built up within consecutive time frames of 40 ps.  (b)Δt = 64-24 ps, (c) Δt = 100-60 ps. 

Taken from [55]. 

 

Since the STZs are hard to detect experimentally, computer simulations are often used to 

reveal the atomic-level mechanism of shear band formation and propagation [49, 55-57]. Such 

simulations consistently reveal that existing STZs stimulate the activation of STZs in their 

vicinity [49, 55-57] and eventually form a shear band by percolating along the plane of 

maximum shear stress [56, 58]. Sopu et al. have studied the atomic-level mechanism of the STZ 

percolation process in a simulated glass containing a notch [55]. Fig. 1.3 shows the evolution 

of the atomic von Mises strain. Since the stress is concentrated at the notch root, the shear band 

propagates along the plane of maximum shear stress after its initiation at the notch. On the tip 

of the developing shar band, there exist the circular displacements of the atoms, resembling a 

vortex like motion (Figs. 1.3 (b) and (c)). It is notable that the shear band initially is 

discontinuous and comprises isolated vortices with high strain.  

In order to discuss the underlying mechanism, the vortex is considered as a structural entity, 

which transfers the stain from one STZ to the next. Fig. 1.4 reveals the mechanism of STZ 

percolation. When the load is low, the distortion of the STZ near the notch is small and the 

effect on the neighbouring matrix is negligible (Fig. 1.4 (a)). Upon raising the load, the STZ is 

activated and its atomic configuration is changed, which first induces elastic deformation of the 

neighbouring STZ (Fig. 1.4 (b)). When the load reaches a certain value, the adjacent STZ is 

activated (Fig. 1.4 (c)). Such repetition of the two-unit STZ mechanism results in the percolation 

of STZ along a certain direction and the formation as well as the propagation of shear band. 
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Thus, with increasing load, more STZs initiate/form and eventually coalesce into a shear band 

[54, 59, 60]. The STZ theory can be considered as an extension of the free volume concept to 

explain the initiation of shear band [15, 61].  

 

Figure 1.4: Schematic representation of the STZ percolation mechanism. The nonactivated 

STZs are represented by purple circles, whereas STZ distortions are shown as orange ellipse. 

The black arrows indicate atomic motion. Taken from [55].  

 

    As the increasing the load on the BMGs, more and more shear bands will be activated. When 

the stress arises to a certain value, yielding will occur with macroscopic shape change, followed 

by the formation of a shear band [49]. The shear band thickness is ranging from 10 to 50 nm 

[62]. As illustrated in Fig. 1.5, the compressive loading results in the tensile stresses in the 

central part of the shear band. Voids initiate throughout the shear band due to the excess free 

volume caused by the plastic flow and tensile stresses. When the dilatation force exceeds the 

critical shear fracture stress, a break or split will form. The coalescence of the voids leads to the 

formation of crack. The different elastic constants and the susceptibility to flowing destabilize 

the interface between the shear band and the neighbouring undeformed region. Therefore, the 

small cracks propagate along these interfaces. When the cracks reach a critical length and 

become unstable, the catastrophic failure will occur. The local melting during the fracture 

results in the typical vein like pattern in BMGs [63].  
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Figure 1.5: Schematic illustration of crack initiation and fracture development in a shear band: 

(a) Formation of voids by coalescence of free volume within the shear band. (b) Increase in the 

number of voids by cyclic strain localization in the primary shear band. (c) Crack initiation and 

shear band fragmentation by connecting voids. (d) Crack propagation. (e) Fracture with vein 

patterns on the fracture surface. Taken from [63]. 

 

1.2.2 Effect of structural heterogeneities on plastic deformation 

Shear bands can be either nucleated homogeneously or heterogeneously [49]. Homogeneous 

nucleation of shear bands is induced by structural fluctuations inherent to the amorphous 

material itself [49]. Moreover, during preparation of BMG specimens, defects, voids, pores and 

surface imperfections are difficult to avoid [49]. These defects can serve as stress concentrators, 

around which the stress is above the average in the sample [49]. Thus, defects can act as 

heterogeneous nucleation sites for shear bands [49] (Fig. 1.3).  

Wada et al. have introduced the hydrogen bubbles to a Pd-based BMG and obtained samples 

with a porosity of up to 3.7% [64]. The compressive plasticity of these samples is significantly 

improved [64]. Similar reports also indicated that uniformly dispersed, relatively small pores 

can elevate the plastic deformability [65, 66]. The underlying mechanism of such results can be 
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concluded as following. The stress concentration promotes the formation of shear bands. 

Moreover, as loading these porous BMGs, the pores introduce the stress gradient, which can 

stabilize the propagation of shear bands [65, 66]. Additionally, the pores interact with the shear 

bands [65, 66], hampering the development of a runaway shear band, which may induce the 

catastrophic failure. 

Apart from the defects, the local free volume, the in-situ and ex-situ crystalline phases also 

can act as preferential spots of heterogeneous nucleation for shear bands [67, 68]. Moreover, 

the heterogeneities not only can affect the formation, but also can influence the propagation of 

the shear bands [49, 69, 70]. In this section, the effect of free volume and crystalline phases on 

deformation of glass forming alloys will be focused on.  

1.2.2.1 Nanoscale heterogeneities 

As discussed in section 1.2.1, the STZs which eventually coalesce into a shear band 

preferentially initiate in the regions with a higher free volume content. The adjustment of free 

volume may introduce more shear bands under loading to enhance the plasticity. One method 

to adjust the free volume content is to solidify the metallic glasses at different cooling rate. By 

using different casting conditions, BMGs adapt different structural states. As mentioned above, 

a higher free volume content can be obtained from the fast cooling of supercooled liquid with 

high temperature (Fig. 1.1). Shen et al. have cast Ti-Cu-based BMGs at various cooling rates 

[71]. According to their calorimetric measurements, the relaxation enthalpy of the samples 

increases on faster cooling, indicating the free volume content increases. In the subsequent 

compression tests, samples with a higher free volume content have shown a larger plastic strain. 

More shear bands are found on the lateral surfaces of the samples with high free volume content. 

Besides casting with different cooling rates, cryogenic cycling is also an effective method to 

introduce free volume [72]. After cryogenic cycling, the rejuvenated samples contain more free 

volume than the as-cast samples. During deformation, the rejuvenated samples show a larger 

plasticity and more shear bands are found in the rejuvenated BMGs [72]. Additional finite 

element modelling (FEM) [73] reveals that the overall free volume leads to low activation stress 

of shear band.  

Not only the overall amount of free volume determines plastic flow but also the distribution 

of free volume. It is now widely accepted that metallic glasses are structurally heterogeneous 

and this can be regarded as a non-uniform distribution of local free volume [71, 73]. The non-

uniform distribution of free volume has been found to promote the multiplication of shear bands 

[69]. The free volume-enhanced regions, which are more prone to structural rearrangements, 

can act as preferred sites for the initiation of shear bands [69]. Kosiba et al. have introduced 
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free volume into a CuZr-based BMG and controlled its distribution by means of ultrafast 

inductive heating followed by quenching (“flash-annealing”) [70]. The highly rejuvenated 

BMGs exhibit better plasticity than the as-cast sample. By controlling the ejection temperature, 

the differences in cooling rates between the outer and inner regions of the samples can be altered. 

As a result, the distribution of free volume is non-uniform, which is reflected in the distribution 

of the corresponding hardness values [70]. Moreover, Molecular Dynamics (MD) simulations 

have been carried out to investigate the effect of an “interface” between structurally dissimilar 

glassy regions (i.e. relaxed or rejuvenated regions) on the stress field under the compressive 

loading. In the uniformly hard sample (Fig. 1.6 (a)), the number of STZs is comparatively low. 

The shear band forms along the plane of maximum shear stress and propagates quickly, 

resulting in a more brittle behaviour of the sample. The uniformly soft sample (rejuvenated 

sample) has a lower barrier for STZ activation (Fig. 1.6 (b)). The density of STZs is obviously 

increased. The strain is clearly less localized than in the uniformly hard sample. The 

delocalization of strain hampers the formation of a runaway shear band. Thus, the fracture of 

the sample is retarded and plasticity enhanced, in agreement with experimental results [70]. 

Even though the free volume content is lower in the non-uniform sample than the uniformly 

soft sample, the plasticity of the glass with a non-uniform distribution of free volume is larger 

[70] . The “interface” between the soft and the hard regions apparently influences the formation 

and propagation of the shear band (Fig. 1.6 (c). The shear band, which initiates in the hard 

region, becomes wider and bifurcates at the interface. The strain in this shear band is much 

lower in the soft region than that in the hard region. Moreover, shear bands intersect at the 

interface. Therefore, fracture is effectively retarded and plasticity is enhanced.  
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Figure 1.6: Maps of atomic von Mises strain for three different structures in BMGs: (a) 

uniformly hard (relaxed), (b) uniformly soft (rejuvenated) and (c) half hard and half soft. Taken 

from [70]. 

 

The vortex mechanism outlined above [55], can qualitatively explain the behaviour of the 

shear band at interface. An active STZ stimulated an adjacent STZs through a vortex-like 

motion of atoms. However, the stress field resulting from the activity of a STZ is changed at 

the interface due to the elastic mismatch (between relaxed and rejuvenated glass). The 

obstruction for the cooperative activation of STZs and the reduction of the strain localization in 

the rejuvenated part promotes bifurcation of the shear band and increase its width. Only when 

the strain becomes relatively large (at the later stages of deformation), the STZs near the 

interface can be activated and the mature shear band forms. Such a shear band can propagate 

through the sample and cause failure. These investigations reveal how the interface between 

heterogeneities and matrix enhances the plasticity [70]. The aspects discussed above could be 
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summarized as “nano-scale effect” of the heterogeneities on deformation. In the following 

paragraphs, also the effect of micro-scale heterogeneities on the deformation process of metallic 

glasses shall be addressed.  

1.2.2.2 Microscale heterogeneities 

It has proven to be a feasible way to introduce crystalline particles to metallic glasses to form 

BMG matrix composites (BMGCs) in order to elevate plasticity [68, 74-85]. Because the 

crystalline particles effectively block the propagation and trigger the initiation of the shear 

bands, failure of the glass forming alloys can be retarded [68, 74-85]. The methods of preparing 

BMGCs can be generally divided into two categories, ex-situ and in-situ glass matrix 

composites. For the ex-situ BMGCs, insoluble particles with high melting point such as SiC, 

WC, Ta and W are added to the glass-forming melt [49, 86]. The thermal expansion coefficients 

of the additions should be similar to the matrix in order to reduce the mismatch stress during 

cooling [49, 87]. The interfacial strength of the additional particles in the matrix should also be 

considered [49, 87]. Ex-situ BMGCs show increased yield strength and plastic strain [49]. 

Moreover, by optimizing the particle size and volume fraction, the mechanical properties of 

BMGCs can be tuned to some extent [88]. However, the distribution of the particles added are 

generally very difficult to control.  

 

Figure 1.7: A schematic CCT diagram demonstrating the influence of varying cooling rates 

on the phase formation in the CuZr-based alloy system. Adapted from [16]. 

 

In case of the in-situ BMGCs, the crystalline phases precipitate during the solidification 

process. Depending on the alloy composition and the cooling rate, the crystalline phases can 

take on different shapes (dendritic, spherical, cellular etc.) [16, 89, 90] or sizes (nanometres to 

hundreds of micrometres) [16, 89, 90]. In comparison to the ex-situ BMGCs, the in-situ BMGCs 
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generally have a stronger interfacial bonding between the particles and the glassy matrix [49, 

91]. By tailoring the composition, β-type TiZr-based BMGCs with a tensile ductility over 10% 

at room temperature have been prepared [89]. Also in other ZrTi-based BMGCs average 

fracture strains up to 8.3% in compression have been measured [77]. In these studies, the β-

dendrites promote the initiation, bifurcation and deflection of the shear bands and, with it, limit 

the shear band length. Crack development is avoided at the early stage of deformation in this 

way and strain localization reduced [89].  

Next to the family of β-type BMGCs, CuZr-based BMGCs have been also developed in the 

recent years [92-97]. The B2 CuZr phase precipitates polymorphically in these glass formers, a 

phase, which is thermodynamically stable only at high-temperatures [98, 99]. During slow 

cooling, the B2 CuZr phase decomposes into the low-temperature equilibrium phases, Cu10Zr7 

and CuZr2 (Fig. 1.7). High cooling rates are required to retain the B2 CuZr phase also at room 

temperature. The B2 CuZr phase is interesting as reinforcing phase because it martenistically 

transforms on mechanical loading [100]. The diffusionless transformation from B2 CuZr to B19’ 

and B33 CuZr results in a pronounced work-hardening capability [96, 101]. The volume 

expansion, which accompanies the martensitic transformation, facilitates and promotes 

initiation of additional shear bands [96] (Fig. 1.8 (a)). In addition, the shear bands are blocked 

by the crystalline particles (Figs. 1.8 (c) and (d)), leading to an enhanced ductility.  

The effect of B2 CuZr phase on the plasticity depends on the particle size and the distribution 

of the particles [93, 97, 102]. A relatively small particle size in combination with a uniform 

distribution of the B2 CuZr crystals has been reported to be most effective for elevating the 

plastic deformability [93, 97, 102]. Unfortunately, it is generally very difficult if not impossible 

to precisely control the size and distribution in in-situ CuZr-based bulk metallic glass matrix 

composites by using the traditional melt-quenching method [103-105]. The outcome is a non-

uniform crystal distribution and a relatively wide range of B2 CuZr particle sizes [103-105].  

To solve this problem, various methods such as a dedicated re-melting treatment and laser 

scanning were carried out [97, 106]. Only recently, Kosiba et al. were able to control the particle 

size of B2 CuZr phase in BMGCs by flash-annealing [107]. Generally speaking, it is usually a 

tedious procedure to find the optimized processing parameters in order to properly control the 

distribution (homogeneity and distance between crystalline particles) and the particle size of 

the crystals [90, 97, 106]. A new and effective method of preparing BMGCs is required and 

additive manufacturing could be suitable approach, as we will outline in section 1.5.2. 
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Figure 1.8: Shear band behaviour of Cu47.5Zr47.5Al5 BMGCs under compressive loading (a) at 

the second yielding and (b-d) at around 1160 MPa. The shear bands initiate at the surrounding 

regions of the crystalline particles. The shear bands are blocked by the crystalline particles 

during their propagation. Taken from [96].  

 

1.2.3 Shear band dynamics  

The generation and propagation of shear bands during plastic flow (see section 1.2.2) leads 

to characteristic sudden stress drops in the stress-strain curve [108-111] (Fig 1.9). Then the 

alloy recovers elastically and this process repeats until the sample fractures (Fig. 1.9 (a)). This 

phenomenon is called serrated flow (Figs. 1.9 (b - d)) [108, 110, 112]. A single serration can be 

the result of a single shear-band operation [113]. Serrations originate from a stick-slip motion 

[113]. During the “stick state”, the shear band remains stationary. In this state, both the load 

and the elastic energy stored in the sample increase. At a critical limit, the energy is released 

into the shear band to drive its propagation. During the “slip state”, the system is under 

decreasing load. The shear band will be arrested until the low stress limit is reached [49]. The 

stick-slip process of shear banding is influenced by various intrinsic and extrinsic factors, such 

as the structure of the glass, the free volume content as well as the strain rate, sample size and 

the stiffness of the testing machine [110, 114, 115]. By analysing the size and the number of 

serrations (i.e. their frequency) during plastic flow, conclusions can be drawn regarding the 

shear band dynamics [108-112]. 
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Figure 1.9: (a) Compression stress-strain curves of typical BMGs. Curve B and F are Vit105 

and Cu47.5Zr47.5Al5 BMGs, respectively. The inserted curve is an enlarged elastic part showing 

the stress vibrations due to the machine. (b) Enlarged serrations from region I, showing the 

stress drops of a serration. (c) Comparison of the serrated flow of Vit105 and Cu47.5Zr47.5Al5 

BMGs at the same strain range. (d) An example of the stress vibrations due to the machine. 

Taken from [116]. 

 

Sun et al. have statistically analysed the serrated flow of different BMGs in order to reveal 

the details of their deformation mechanism [116]. The stress drop magnitudes (Fig. 1.9 (c)) are 

normalized using a linear regression fit through the stress drop vs. time diagram. In order to 

exclude the influence of the vibrations (Fig. 1.9 (d)) from the testing machine, the serrations 

with small values are ignored. Then the distribution histograms of the normalized stress drops 

are analysed. As shown in Fig. 1.10 (a), the stress drop magnitude found in Vit105 displays as 

Gaussian distribution, which indicates that the serration size has a characteristic length scale, 

the system’s shear band dynamics are a chaotic state [108, 110, 116]. BMGs with a chaotic 

serrated flow behaviour generally show very limited plastic deformability [108, 110, 116]. The 

histogram of the stress drops for the ductile Cu47.5Zr47.5Al5 BMG shows a monotonic decrease, 

instead. Moreover, the cumulative probability distribution follows a power-law distribution 

with a squared exponential decay function [108, 116]. It reveals that the system has adopted a 

state of self-organized criticality (SOC) [116]. This means that motion of multiple shear bands 

occurs cooperatively in ductile Cu47.5Zr47.5Al5 BMGs [108, 110, 116].  
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As discussed in section 1.2.2, heterogeneities can affect the initiation and propagation of 

shear bands, altering serrated flow. Statistical analysis of the serrations provides valuable 

information regarding the shear band dynamics [117].  

 
Figure 1.10: The stress drop (shown in Fig. 1.9) distribution of statistical number N(s) vs. 

normalized stress drop magnitude s for (a) Vit 105 and (b) Cu47.5Zr47.5Al5 BMGs. Taken from 

[116]. 

 

1.2.4 Tribological properties of BMGs  

Owing to their unique structure, bulk metallic glasses have many advantageous properties, 

such as high strength and high hardness, indicating the great potential for industrial application 

[40, 45]. Among them are the tribological properties as well, which directly result from their 

high hardness in combination with the lack of a conventional microstructure [118, 119]. For a 

plethora of engineering applications tribology plays a vital role [119]. Thus, BMGs with high 

hardness are very attractive for applications involving contact sliding [119-121]. In the 

following, selected aspects of the tribological properties of BMGs are briefly discussed. 

It has been reported that Ni-based BMGs have a much higher wear durability than 

conventional carbon tool steels [122]. Zr-based, Cu-based and Ti-based BMGs also show 

excellent wear resistance [118, 120, 121, 123-128]. Huang et al. have demonstrated that the 

cooling rate is one important parameter affecting the wear performance of BMGs [123]. The 

relatively lower cooling rate reduces the free volume content (see section 1.1) and leads to a 
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more ordered atomic configuration, resulting in the better wear resistance [123]. Rahaman et 

al. have studied the wear mode of the BMGs at different sliding speeds [120]. On the increasing 

the sliding speed, the frictional heat rises, the wear mode changes from brittle to ductile, and 

then to mixed (brittle and ductile) stage. Because during this process, the temperature increases 

to a certain degree and the BMG becomes softer and ductile. As the temperature rises further, 

the nanocrystals forms [120]. These results reveal that the heterogeneities such as nanocrystals 

and free volume enhanced regions may influence the wear mode.  

1.3 Corrosion behaviour of bulk metallic glasses  

The corrosion behaviour is one of the decisive factors for judging the environmental stability 

of a material [129, 130]. Especially when the alloys are used in aggressive and hostile 

environments such as oxidizing atmospheres and aqueous corrosion. A chemical reaction 

between a surrounding medium and the material usually degrades the materials and deteriorates 

the mechanical properties as well. When bulk metallic glasses are considered for practical 

applications (e.g. for biomedical applications and/or as structural materials), the corrosion 

behaviour is one crucial aspect.  

Since metallic glasses are usually solidified at a relatively higher cooling rate (see section 

1.1) in order to circumvent crystallization, they are thermodynamically in a state of higher 

energy than their crystalline counterparts. As a consequence, according to the Tafel law [131], 

the corrosion current rate should be expected to be higher. However, metallic glasses usually 

show a better corrosion resistance than crystalline alloys of identical or similar composition 

[130, 132]. Because of the high cooling rates, metallic glasses solidify into a single phase. 

Abundant atomic diffusion and, hence, solute partitioning are generally suppressed during 

quenching. Therefore, metallic glasses are chemically and structurally rather homogeneous [17]. 

In the absence of chemical heterogeneities and structural defects such as grain boundaries, 

dislocations, galvanic corrosion can be avoided. Passive films on metallic glasses are relatively 

uniform, which reduces localized chemical attack (e.g. pitting corrosion) [133, 134]. These 

factors are beneficial for the overall corrosion resistance.  

The alloy composition, i.e. the reactivity of the constituent elements, also plays an important 

role on the corrosion behaviour of metallic glasses [130, 133, 135-141]. The corrosion 

behaviour of Cu-, Fe-, Mg-, Ni-, Ti- and Zr-based metallic glasses have been widely studied in 

the past decades [130, 133, 135-141]. 

Next to the chemical composition of the glass, structural and/or chemical heterogeneities 

affect the corrosion behaviour. Gas pockets (pores) sometimes form during casting of metallic 
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gasses [9]. In the vicinity of such pores, the heat removal is slowed down and crystals might 

precipitate [9]. Such heterogeneities are hard to be avoided completely. Heterogeneities or the 

crystal-glass interface are considered as preferential spots for initiation of pitting corrosion [133, 

142-144].  

Before introducing the corrosion behaviour, the methods for evaluating the corrosion 

behaviour will be discussed among which the potentiodynamic polarization curve is the most 

widely used. In this thesis, the room-temperature aqueous corrosion of Ti- and Zr-based metallic 

glasses will be focused on.  

Ti-based alloys have already been used in the aerospace and biomedical sector due to their 

unique physical and chemical properties [129, 132]. Owing to their potential, the corrosion 

behaviour of Ti-based bulk metallic glasses has been widely studied in different solutions such 

as acid, akaline and simulated body solutions [139]. In comparison with commercial Ti-based 

alloys (e.g. Ti-6Al-4V), the Ti-based metallic glasses show better corrosion resistance due to 

the single-phase nature [139]. As shown in Fig. 1.11, the Ti46Cu27.5Zr11.5Co7Sb3Si1Ag4 metallic 

glasses exhibit a higher corrosion potential and lower corrosion current density than Ti-6Al-4V, 

which is widely used as a conventional alloy in all the solutions [139]. Ti-Zr-Ni-Be, Ti-Cu-Zr-

Fe-Sn-Si-Ag, Ti-Cu-Zr-Ni, Ti-Zr-Cu-Pd-Nb and Ti-Zr-Cu-Pd glasses all have good corrosion 

performance [129, 132, 145-147]. Due to their high affinity towards oxygen, the enrichment of 

Ti and Zr is found in the passive films, which can protect alloys from corrosive environments 

[148]. Thus, Ti and Zr content is considered to improve the corrosion resistance of the metallic 

glasses [129, 132, 145-147]. 
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 Figure 1.11: Potentiodynamic polarization curves of the Ti-based BMG and the Ti-6A-4V 

alloy in (a) PBS (phosphate buffered saline, pH = 7.4), (b) 0.9 wt % NaCl, (c) 1mol/L HCl and 

(d) 1 mol/L NaOH solutions. Taken from [139]. 

 

Zr-based BMGs have been widely investigated as well since their critical casting thickness 

is on the order of centimetres [45], which makes them attractive candidates for applications. In 

order to evaluate the stability of Zr-based BMGs in a given environment, cast bulk metallic 

glasses, in particular transition metal-based bulk glass-forming alloys, like Zr-Cu-based 

multicomponent alloys, have been subject of numerous fundamental corrosion studies [130, 

133, 135-138]. In water-based solutions they exhibit low free corrosion rates and spontaneous 

and stable anodic passivation, both generally superior to crystalline alloys with comparable 

compositions [149]. The latter is based on the formation of very thin barrier-type oxide layers, 

which are mainly composed of the valve-metal oxides (Zr-, Ti-, Nb-, Al-oxides) [138, 143, 

150]. The systems of Zr-Cu-Al-(Ni-Nb, Ni-Ti, Ag), which have a comparatively high glass-

forming ability, show good pitting resistance [137]. It is notable that the pitting and 

repassivation potentials decrease with the increase of the Cu content. The corrosion products 

mainly include Cu, O and Cl species. The systems with low Cu and high Nb or Ti content show 

better pitting resistance [137]. Thus, Cu can be considered a critical alloying element with 

respect to the corrosion behaviour of Zr-based BMGs.  
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The corrosion morphology is usually dictated by different local corrosion rates, which can be 

influenced by structural and chemical heterogeneities. The regions, which corrode at low rates, 

usually appear as hills, and the regions with high corrosion rates exhibit as valleys.  

In BMGs, corrosion is accelerated, when there is chemical heterogeneity (chemical 

segregation) or inherent porosity [136]. Fig. 1.12 shows three different morphologies of 

corrosion pits at early stage of development in Zr-Cu-Al-Ni-Ti system. At the beginning, the 

corrosion pits at the surface are more or less hemispherical, indicating stable dissolution (Fig. 

1.12 (a)). As corrosion proceeds, terraces develop at the edge of the pit, because of the local 

composition changes (enrichment of Cu) and corrosion products (Fig. 1.12 (b)). In Fig. 1.12 (c), 

the “opening” of the hole in the central part can be seen, revealing that the strong dissolution 

also occurs below the surface. A possible explanation is that there exists a porous structure that 

renders the electrolyte attack possible in the bulk region.  

Since porosity is inherent in additively manufactured alloys, the pores most certainly 

influence the corrosion behaviour. Thus, the effect of such heterogeneities in additively 

manufactured BMGs on corrosion behaviour is also subject of this thesis (Sections 3.1.4 and 

3.2.5). 

 

Figure 1.12 Pit development of Zr59Cu20Al10Ni8Ti3 metallic glasses immersed for 100 s in 0.1% 

HF. The sequence (a), (b), (c) indicates the temporal development of pits. The scale bar in all 

figures is 100 nm. Taken from [136]. 
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1.4 Selective laser melting (SLM) 

    Additive manufacturing (AM), colloquially also called “3D printing”, is a relatively new 

concept of sample and component fabrication. Depending on the processed materials and 

machine technologies, the individual techniques differ from each other. The American Society 

for Testing and Materials (ASTM) group classifies the additive manufacturing processes into 

seven categories: VAT Photopolymerisation, Material Jetting, Binder Jetting, Material 

Extrusion, Sheet Lamination, Directed Energy Deposition and Powder Bed Fusion [151, 152]. 

The commonly used techniques of Powder Bed Fusion include direct metal laser sintering 

(DMLS), electron beam melting (EBM), selective heat sintering (SHS), selective laser sintering 

(SLS) and selective laser melting (SLM) [151, 152]. In the present work, SLM is employed for 

processing of glass-forming alloys and will be, hence, discussed in the following sections. 

1.4.1 The SLM process  

Selective laser melting (SLM) has been developed by F & S Stereolithographietechnik 

GmbH and Fraunhofer ILT  and has become a promising method to fabricate metals for 

industrial applications [153, 154]. SLM uses a high-intensity laser as energy source and a 3D 

computer aided design (CAD) file as software source to selectively fuse the metallic powder on 

the base plate layer by layer and to, thus, produce a three-dimensional part [153].   

 

  

Figure 1.13: Schematic of a SLM system. Taken from [155].  

    

As displayed in Fig. 1.13, the main parts of the SLM system comprise a laser source, the 

lenses, a powder container, a wiper and a removable build platform. The processing steps start 

with the CAD file design and end with the removal of the SLM part [155]. First, CAD models 
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of the components/parts are created. Afterwards, they are uploaded into the software for 

processing, such as slicing, setting the processing parameters and the scanning strategy. Then 

the production of the actual parts begins with a thin layer of powder deposited on a suitable 

substrate. A high-energy laser is used to selectively melt the powder according to the CAD files. 

After the first layer is completed, the substrate is lowered by a certain distance corresponding 

to the layer thickness set in the controlling software. Subsequently, the recoater sweeps over 

the substrate and deposits a new powder layer. The laser beam scans the new powder layer and 

the process repeats until the final part is obtained. Afterwards, the loose powder on the substrate 

is removed. The substrate then is removed from the device and the final parts are detached from 

the substrate [156]. 

1.4.1.1 Powder properties  

The powder properties significantly influence the quality of the additively manufactured 

component [157-159]. The relevant powder properties include the density of the alloy, thermal 

conductivity, melting temperature, boiling temperature, thermal capacity, latent heat of fusion, 

dynamic viscosity, thermal expansion coefficient, laser absorptivity, morphology, particle size 

and purity. Depending on these factors, the process parameters have to be adjusted, which, in 

turn, determines the formation and the distribution of defects, the microstructures as well as the 

physical and chemical properties of the SLM alloys [155, 160-162].  

The energy density of the laser deposited in the material during selective laser melting is 

primarily determined by the thermal properties such as melting temperature, thermal capacity 

and latent heat of fusion [160, 163]. According to these factors, the energy density is set to 

ensure complete fusion of the powder. The laser power should be carefully selected for alloys 

with low boiling temperatures in order to avoid evaporation, which may induce the formation 

of keyholes [160, 163].  

The thermal conductivity is very important for the heat balance (heat flow) during processing 

and leaves its footprints in the so-called heat affected zone (HAZ) [163, 164]. The dynamic 

viscosity has a pronounced bearing on the melt pool and the morphology of the single scanning 

track and, thereby, on the generation of defects (i.e. pores, cracks etc.) [165]. The thermal 

expansion coefficient is a decisive factor for the generation of internal stresses in the SLM parts 

in the course of solidification [163, 164]. To release the stresses here, different scanning 

strategies are carried out as introduced in section 1.4.1.2.  

The factors discussed above are determined by the material of choice processed by SLM. 

However, the morphology, particle size distribution and purity can be tailored in order optimize 

the SLM process. The shape and the size of the particles strongly affect the flowability of the 
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powder during powder deposition [162, 166]. It is generally accepted that the highly spherical 

powder particles have a higher packing density, which is conducive to the flowability of the 

powder, resulting in the decrease of the defects and higher density for SLM products [162, 167]. 

In contrast, powder with an irregular shape generally has a lower compaction leading to a lower 

density of SLM alloys [162, 167, 168]. In addition, the particle size distribution is also important 

for the flowability of the powder [169, 170]. A certain volume fraction of small particles can 

fill the voids between larger particles, which is helpful to improve the quality of the SLM parts 

in terms of reduced porosity [169, 170]. However, when the fine particles are most frequent in 

the powder, particle agglomeration occurs, leading to a negative effect on the flowability [171]. 

Another factor, which should be taken into consideration, is the layer thickness, which is 

primarily defined by the particle size [169]. If the particle size is relatively large, the layer 

thickness should be accordingly large.  

A sufficient energy density is required to melt the large powder particles, which may lead to 

the evaporation of the fine powder. Thus, the powder size distribution should be carefully 

selected and the processing parameters adjusted accordingly (see next section). Eventually, the 

purity of the powder is another decisive factor of the final properties of selectively laser-melted 

alloys [172]. The level of powder contamination as well as the amount of oxygen and hydrogen 

usually has adverse effects on the quality of the powder and final parts [172]. Therefore, the 

purity of the powder should be constantly monitored and strictly controlled to obtain the SLM 

products with a high quality. 

1.4.1.2 Process parameters 

Many parameters can be adjusted during selective laser melting, which consequently offers 

a large degree of freedom during processing. All of these parameters affect the energy input and 

the distribution of heat and, thus, the thermal history of the additively manufactured component. 

The thermal history, in turn, has a strong impact on the microstructure and, thus, on the 

properties of the material. This is rather obvious for conventional metallic alloys processed by 

SLM [165, 173-179].  

The most important process parameters affecting the quality of the final parts are laser power 

(P), scanning velocity (v), layer thickness (l) and hatch distance (h). By optimizing these 

parameters, products with high quality can be fabricated [165, 173-179]. The SLM process 

parameters are shown in Fig. 1.14. 
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Figure 1.14: Schematic of SLM process parameters. Taken from  [153]. 

 

The volume energy density (EV) is often used to estimate the energy input and for many alloy 

systems, there is an apparent correlation between EV and the relative density [180, 181]. An 

insufficient EV may lead to incompletely melting, decreasing the density of the final part. When 

EV is too high, evaporation of the powder occurs and pores form [180, 181]. The energy 

deposited in the material by the laser (i.e. the thermal history of the component) directly governs 

the microstructures of conventional metallic alloys and with it, their chemical as well as their 

physical properties [181, 182]. The volumetric energy density, EV, is often estimated as:   

                                                        EV =  
𝑃

𝑣×𝑙×ℎ
                                                                    (1.1) 

where P is laser power (W), v is scanning velocity (mm/s), l is layer thickness (mm) and h is 

hatch distance (mm), as mentioned above [183].  

    In order to obtain a relative dense SLM product, researchers usually optimize the parameters 

as follows. First of all, the layer thickness is set according to the powder size. Then single tracks 

are produced by the laser in order to adjust/optimize the laser power and scanning velocity [165]. 

Based on the width of the single tracks, the hatch distance (the distance between two adjacent 

tracks) is selected. In optimizing the hatch distance, the track overlap has to be taken into 

consideration. It plays an important role in keeping strong bonding between the neighbouring 

tracks. The overlapping rate (Φ) can be described as [184]:  

                                                  Φ =  
𝑑 −ℎ

𝑑
 × 100%                                                                       (1.2) 

where d is the single track width (mm) and h is hatch distance (mm). Too high an overlap causes 

excessive heat input and may deteriorate the surface quality, increase the residual stress and 

decrease the relative density of the SLM part [185]. Too low an overlap, in turn, results in an 

insufficient energy input and may reduce the density and form defects too [185].  



CHAPTER 1 Metallic glasses and selective laser melting 

24 

 

Apart from the above mentioned four main processing parameters (P,v,l and h), the scanning 

strategy is another variable in the SLM process, which also can significantly influence porosity, 

microstructures and properties of additively manufactured materials [165, 186-190]. Fig. 1.15, 

depicts some examples of scanning strategies, which are widely used for fabricating SLM parts. 

As an ordinary scanning strategy, unidirectional scanning vectors can be employed, which are 

rotated by a certain degree (e.g. 45°, 67°, 90°) in neighbouring layers. This approach is usually 

carried out to decrease the porosity and improve the defect distribution (Figs. 1.15 A and B) 

[189, 191]. Fig. 1.15 C displays the scanning strategy of unidirectional scanning vectors (single 

melt), which are kept constant along the entire height of the sample. This strategy is usually 

conducted only for the production of single melt tracks or the investigation of formation of 

defects [165]. The offset scanning strategy, which fuses the powder from outside to the central 

part of the SLM specimen, is shown in Fig. 1.15 D. Fig. 1.15 E indicates the chessboard (island) 

scanning strategy, which is usually used to decrease the thermal stress and alter the 

microstructures of the SLM samples [186].  

The last scanning strategy to be listed here is the implementation of a re-melting step during 

processing (Fig. 1.15 F). Since a re-melting step modifies the thermal history to the additively 

manufactured alloy, it can be used (Fig. 1.15 F) to design microstructures while not sacrificing 

the relative density [192-194]. It has been reported that the re-melting scanning is helpful to 

increase the relative density and improve the surface roughness [194, 195]. In other words, the 

scanning strategy can change the size and the distribution of defects formed in the SLM process 

and also affects the microstructures. This is one of the reasons why selective laser melting is 

such a powerful tool for manipulating microstructures and materials properties. 
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Figure 1.15: Overview of the scanning strategies: unidirectional scanning vectors with rotation 

in neighbouring layers (A and B), unidirectional scanning vectors (C), offset scanning (D), 

chessboard scanning (E), re-melting strategy (F). Taken from [165]. 

 

1.4.2 Solidification and thermal history  

Selective laser melting is a rapid manufacturing technology based on a laser beam. The 

energy transfer and the thermal transmission during the process is based on the inverse 

bremsstrahlung absorption mechanism (IBA) [196]. During the SLM process, the interaction 

between the laser beam with a high energy density (105 - 107 W/cm2) and the alloy powder is 

completed in very short duration (10-3 - 10-2 s). Under certain circumstances, this energy transfer 

is sufficiently effective to melt and even evaporate the alloy in a very short time [197-200]. 

When evaporation or incomplete melting is avoided, the small melt pool produced by the laser 

solidifies quickly, leading to high cooling rates (103 - 108 K/s) [197-200].  

Pauly et al. have investigated the microstructure of the eutectic Al-33Cu (wt.%) alloy 

fabricated via SLM with different two different parameter sets but the same energy input to 

determine the cooling rate of SLM [198]. Their investigation reveals that the cooling rate of 

SLM is of the order of 104 - 105 K/s [198].  

The different process parameters at a constant energy density are known to result in various 

cooling rates [198]. In any case, the cooling rates achieved during SLM are usually higher than 

for conventional casting [197-200]. Such rapid solidification may result in a substantially 

different microstructure of the additively manufactured alloy from compared to traditionally 

prepared alloys, which opens a gateway to even locally tailor the physical and chemical 

properties of the alloys [156].  
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The high inherent cooling rates are also inevitable for obtaining a glassy state from a metallic 

melt. As discussed above (section 1.2), local variations in the thermal history could result in the 

formation of heterogeneities in metallic glasses, which should reflect in the mechanical 

properties [70]. While crystals are relatively straightforward to detect, structural heterogeneities 

(i.e. local differences in free volume, see section 1.1) in monolithic glasses are difficult to probe. 

When dealing with glass-forming alloys produced by SLM it is, therefore, imperative to have a 

closer look at the thermal history of the process, which shall be done in the following.  

The determination of the cooling rate in an individual melt track has been studied by 

investigation of the corresponding microstructures [201]. It has been revealed for Al-Cu alloy 

that the cooling rate decreases from the central part to the boundary of the melt track [201]. 

Similar studies have been also carried out by using other Al alloys and their composites [202-

205]. All these works arrive at the same conclusion: the cooling rate decreases from the central 

part of the melt pool towards its margins [202-205]. 

The laser beam is a highly concentrated heat source and depending on the energy input, 

already solidified layers are partially or fully re-melted during selective laser melting of a fresh 

powder layer [206]. Moreover, the region around each melt track is subjected to an additional 

heat treatment. Wang et al. have used Al-Cu alloys to study microstructural differences in 

multilayers owing to local variations in the cooling rate [207]. In their work, a high-cooling-

rate zone (HCRZ), a low-cooling-rate zone (LCRZ) and a heat-affected zone (HAZ) have been 

defined (Fig. 1.16) [207]. The HAZ is the additionally heat-treated solidified region around the 

melt track [207]. As mentioned above, the size of the HAZ depends on the alloy composition, 

due to different thermal conductivities and reflectivities of the electromagnetic radiation. 
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Figure 1.16: Microstructures of SLM Al-Cu alloys, (a) Al-4.5Cu, (b) Al-6Cu, (c) Al-20Cu, (d) 

Al-33Cu. Taken from Ref. [207]. 

 

Since the SLM process is a layer-by-layer process, its unique thermal history leads to a 

specific solidification behaviour [153, 156, 208]. Unfortunately, it is extremely challenging to 

monitor the spatial temperature distribution during selective laser melting. Simulation is an 

effective way to gain deeper insights into the thermal history. There are numerous works about 

the numerical investigation on temperature evolution and thermal behaviour during SLM 

process [208-216]. As displayed in Fig. 1.17, the melt pool is semi-elliptical. The temperature 

decreases with increasing distance from the centre of the molten pool. The part around the 

molten pool is the heat affected zone (HAZ) [206]. The temperature rise in already processed 

and solidified layers is substantially heated (Fig. 1.17). When SLM is used to produce BMGs, 

the additional heat from subsequently processed layers may induce structural relaxation or even 

crystallization in the already solidified glassy parts [217] (see section 1.1). 
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Figure 1.17: Temperature distribution of (a) 1st (b) 3rd (c) 5th (d) 7th (e) 9th and (f) 10th layer. 

Taken from [206]. 

 

1.5 Selectively laser-melted glass formers 

As discussed above, selective laser melting (SLM) entails high cooling rates (103 - 108 K/s) 

[197-200], which is a prerequisite for glass formation. Simultaneously, the layer-by-layer 

processing allows for the production of delicate and complex geometries, which are otherwise 

inaccessible to conventional melt quenching techniques [218]. For conventionally cast BMGs, 

only simple geometries, such as rods and plates can be obtained with ease [9]. It is hard, yet, to 

obtain BMGs with complex geometries. This makes SLM a very promising approach in terms 

of making BMGs accessible to practical applications, which are still largely confined owing to 

their small as well as usually simple geometries [40].  

1.5.1 Selective laser melting of a single alloy powder  

Because of their unique potential mentioned above (see section 1.4), different glass-forming 

alloys such as Fe-based, Cu-based, Zr-based and Al-based alloys have been processed by SLM 

to date [128, 200, 217, 219-239]. The respective alloy compositions including some remarks 

are summarized in Table 1.1. 
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Table 1.1 Summary of the glass-forming compositions processed by SLM to date. 

Composition (at.%) Year Remarks Ref. 

Zr55Cu30Al10Ni5 2012 Partially crystalline, line scan [226] 

Fe74Mo4P10C7.5B2.5Si2 2013 Partially crystalline, cracks [200] 

Al86Ni6Y4.5Co2La1.5 2014 Partially crystalline, line scan [225] 

Fe68.3C6.9Si2.5B6.7P8.7Cr2.3Mo2.5Al2.1 2015 Fully amorphous, cracks [227] 

Zr52.5Cu17.9Ni14.6Al10Ti5 2016 Partially crystalline, crack-

free 

[219] 

Zr55Cu30Al10Ni5 2017 Partially crystalline, crack-

free 

[128, 217] 

Zr52.5Cu17.9Ni14.6Al10Ti5 2017 Fully amorphous, crack-free [220] 

Fe43.7Co7.3Cr14.7Mo12.6C15.5B4.3Y1.9 2018 Partially crystalline, cracks [228, 229] 

Zr59.3Cu28.8Nb1.5Al10.4 2018 Fully amorphous, crack-free [222, 230] 

Fe54.35Cr18.47Mn2.05Mo13.93W5.77B3.22C0.9 

Si1.32 

2019 Partially crystalline, cracks [233] 

Fe71Si10B11C6Cr2 2019 Partially crystalline, cracks [234] 

Cu50Zr43Al7 2019 Partially crystalline, crack-

free 

[231] 

Zr60.14Cu22.31Fe4.85Al9.7Ag3 2019 Fully amorphous, crack-free [239] 

(Ti0.65Zr0.35)90Cu10 2019 Partially crystalline, crack-

free 

[238] 

Zr57.4Ni8.2Cu16.4Ta8Al10 2019 Partially crystalline, crack-

free 

[235] 

Fe73.7Si11B11C2Cr2.28 2019 Partially crystalline, cracks [237] 

Fe55Cr25Mo16B2C2 2019 Fully amorphous, cracks [236] 

Cu46Zr47Al6Co1 2020 Partially crystalline, crack-

free 

[232] 

  

As shown in Table 1.1, only a few fully amorphous BMGs have been obtained by SLM. Most 

of the additively manufactured BMGs contain crystalline phases and, thus, represent BMG 

matrix composites. The precipitation of crystals can be attributed to two main reasons: (i) the 
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quality of the initial powder [233] and (ii) the additional heat treatment arising in heat-affected 

zone (HAZ) [128, 217]. Both shall be briefly discussed in the following. 

Initially partially crystalline powder may retain its microstructure after the SLM process [200, 

223, 226]. In order to investigate the formation of crystals in the powder, Nong et al. [233] have 

identified the phases found in the powder with different particle sizes. Those particles with sizes 

ranging between 2 and 53 µm have fewer crystals than particles with the sizes between 53 and 

150 µm. The cooling rates during gas atomization depend on the particle size, and lower cooling 

rates (i.e larger particle sizes) result in a larger crystalline volume fraction [233]. During the 

SLM process, the partially crystalline powder is completely melted and subsequently solidifies 

in a very short time (see section 1.4.2). One could thus expect that the melt congeals into a glass, 

which is sometimes the case (see section 1.1) and sometimes not [128, 217]. The retention (or 

precipitation) of the crystalline phase in the final SLM parts may be due to an insufficient 

overheating. By selecting a finer powder fraction and/or using optimized process parameters 

(i.e. an increased energy input), the formation of fully glassy samples might be facilitated.  

    In certain additively manufactured metallic glasses, the crystalline phases are exclusively 

found in the HAZ [128, 217]. Ouyang et al. [128] have used fully glassy Zr55Cu30Al10Ni5 

powder to produce a crack-free Zr-based BMG via SLM. As shown in Fig. 1.18, there is an 

obvious boundary between the molten pool and the heat-affected zone. The selected area 

electron diffraction (SAED) pattern shows broad and diffuse rings, suggesting a fully 

amorphous structure in the central part of the molten track. Yet, nanocrystals can be revealed 

in the HAZ. The same phenomenon has been also found in Cu- and Zr-based BMGs produced 

by SLM [219, 231]. Li et al. [219] have argued that crystallization was caused by the non-

uniform melt flow at high energy densities. The resulting chemical heterogeneity of the 

supercooled liquid leads to crystallization. Since crystallization is non-polymorphic in most 

glass formers [97, 240] extended atomic diffusion is generally required for the precipitation of 

crystals [220]. Thus, chemical heterogeneity might be a consequence of crystallization rather 

than its origin [220]. Another explanation, hence, would be that excess heat in the heat-affected 

zone is the reason for the precipitation of the crystals: The individual anneals resulting from the 

processing of subsequent layers continuously nucleates crystals in the supercooled liquid and 

stimulates their growth.  
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Figure 1.18: TEM images and associated SAED patterns of the interface between molten track 

and HAZ (a), selected region in HAZ (b). The broad and diffuse rings indicate a fully 

amorphous structure in SA1. There exist nanocrystals in HAZ. Taken from [128]. 

 

In order to better understand the thermal history of a melt track and its surroundings, FEM 

has been carried out to simulate the thermal field in glass-forming alloys [128, 228, 241]. The 

temperature distribution and its temporal evolution calculated in Zr-based BMGs reveal that the 

melt pool solidifies at high rates (104 K/s) as to ensure the formation of monolithic glasses [128]. 

However, the temperature in the HAZ can exceed the crystallization temperature (Tx). 

Depending on how long such elevated temperatures prevail, crystals may precipitate or not in 

the HAZ (see section 1.1 and Fig. 1.17). Simulations suggest that this time span, at which the 

temperature is above the crystallization temperature, can reach up to 5 ms [128]. Such short 

anneals do not provide the time for substantial crystal growth. Consequently, only nanocrystals 

have been observed in the HAZ of glass-forming alloys [128, 217] (Fig. 1.18). 

Apart from avoiding (partial) crystallization in selectively laser-melted BMGs, the 

fabrication samples with a high relative density is of utmost importance. As displayed in Table 

1.1, there are micro-cracks in some additively manufactured BMGs. Porosity and the presence 

of micro-cracks in additively manufactured BMGs generally leads to poor mechanical 

properties [49, 227]. The formation of micro-cracks is usually attributed to thermal stresses 

[242, 243]. A high laser power enhances thermal stresses, often resulting in cracks [225]. Low 

energy input results in unmelted powder and high porosity, which also may induce the 

formation of micro-cracks [225].  

To eliminate or at least reduce micro-cracks, the mechanism underlying the formation of 

cracks in Fe-based BMGs produced by SLM has been studied in more detail [229]. It has been 



CHAPTER 1 Metallic glasses and selective laser melting 

32 

 

demonstrated that the concentration of thermal stresses around defects is the origin of crack 

formation. The concentration of stresses is significant at the interface between molten track and 

HAZ. In a similar way, Xing et al. [242] have analysed the residual stress in Zr-based additively 

manufactured BMGs. Their results indicate that the sample prepared using a XY cross-scanning 

strategy (unidirectional scanning vectors rotated by 90° in adjacent layers, see Fig. 1.15) 

contains less residual stresses than the ones fabricated using single directional scanning strategy. 

Preheating the substrate is also an effective method to reduce residual stress [244]. In addition, 

the geometry and its orientation with respect to the building direction has a significant influence 

on the generation of residual stresses [243]. The crucial factors revealed above provide a useful 

guidance to avoid the formation of micro-cracks and the premature failure of additively 

manufactured BMGs during processing. 

Although (partial) crystallization within the HAZ and the formation of defects are difficult 

to avoid during selective laser melting, Pauly et al. have successfully produced a fully 

amorphous Zr-based BMG with a high relative density via SLM by optimizing process 

parameters [220], indicating that SLM is a promising preparation method for BMGs.  

1.5.2 Heterogeneities and mechanical properties of additively manufactured 

BMGs  

Table 1.1 lists a number of crack-free Zr- and Cu-based BMGs successfully processed by 

SLM [128, 219, 220, 223, 231, 239]. Because the mechanical properties of metallic glasses are 

one of their outstanding features and render them interesting for a variety of applications (see 

section 1.2), the mechanical properties of these additively manufactured BMGs have been 

usually also explored under uniaxial compression. It has been observed that these additively 

manufactured BMGs tend to fail in a premature manner without significant plastic strain [128, 

219, 220, 223, 231].  

As discussed in section 1.2.3, heterogeneities play an important role for the mechanical 

properties of BMGs. These heterogeneities can be broadly classified as (i) crystalline phases, 

(ii) pores and (iii) more/less relaxed amorphous regions (i.e. a heterogeneous distribution of 

free volume) [128, 219, 220, 223, 231, 245]. The following sections shall illuminate these 

aspects in a bit more depth. 

The fracture strength of additively manufactured, partially crystalline BMGs exhibits a 

relatively broad scatter due to the varying volume fractions of glass and crystals [128, 223]. 

When the glassy volume fraction is around 63% in a Zr55Cu30Al10Ni5 BMG, the fracture 

strength is in the range of 1270 - 1450 MPa. When it reaches 83%, the fracture strength increases 

to around 1500 MPa [128, 223]. Since in most of the additively manufactured Zr- and Cu- based 
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BMGs, the crystalline phases were identified as NiZr2, CuZr2 and Cu10Zr7 [128, 223, 231]. Such 

phases may lead to poor mechanical properties [128, 223, 231]. Thus, the formation of 

crystalline phases in the HAZ appears to be one of the main reasons for the premature failure 

of additively manufactured BMGs. 

Of the additively manufactured, crack-free BMGs, only Zr52.5Cu17.9Ni14.6Al10Ti5 [220] and 

Zr60.14Cu22.31Fe4.85Al9.7Ag3 [239] show a small but distinct plastic strain (Fig. 1.19). As 

displayed in Fig. 1.19, the additively manufactured Zr52.5Cu17.9Ni14.6Al10Ti5 samples trend to 

fail at lower strains than the corresponding as-cast glass. Even though the relative density for 

the additively manufactured BMGs can reach 98.5%, there exist pores, some of which stretch 

over several layers [220]. Often the observed residual porosity of only a few percent is held 

responsible for the absence of significant plasticity of additively manufactured BMGs [220] . 

 

Figure 1.19: Compression stress-strain curves of Zr52.5Cu17.9Ni14.6Al10Ti5 SLM samples and as-

cast samples. Taken from [220]. 

 

As revealed in section 1.4.2, during SLM, the laser beam does not only melt the topmost 

powder layer, but also the already solidified layers underneath it. The excessive heat is 

subsequently dissipated in the surrounding glass. Because the laser beams scan the sample and 

the component is produced layer by layer, the thermal history of selectively laser-melted alloys 

is rather complex (see section 1.4.2). Such a complex thermal history is likely to induce 

structural heterogeneities consisting of more or less relaxed glassy regions. These 

heterogeneities can be probed with DSC measurements, nanoindentation and X-ray 

measurements. Best et al. [245] have used synchrotron X-ray micro-diffraction and 

nanoindentation to reveal structural heterogeneities in an additively manufactured 

Zr59.3Cu28.8Nb1.5Al10.4 glass. As shown in Fig. 1.20, small periodic variations of the elastic 
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modulus have been observed in the order of 40 - 80 µm, which is 2 - 4 times the selected layer 

thickness (20 µm). This structural variation seems dependent on the local thermal history and 

it has significant effects on the local mechanical properties. However, in Best’s study [245], 

only one additively manufactured BMG system has been studied. As discussed in section 1.4.2, 

the size of the molten pool and the HAZ depends on the process parameters and the alloy 

composition. The following questions naturally arise: Can the heterogeneities also be found in 

other monolithic BMG systems produced via SLM with different process parameters? How do 

such structural heterogeneities affect shear banding in compression tests? These questions will 

be discussed in Chapter 3 (section 3.2.4 and 3.3). 

  

Figure 1.20 Nanoindentation map and line-scan average of the cross section. δER is the 

variation of the mean ER value. Taken from [245]. 

 

Besides structural heterogeneities (crystalline phase, porosity and more/less relaxed regions), 

which can form in the additively manufactured BMGs produced with single alloy powder, 

heterogeneities can be also deliberately generated by mixing glass-forming powder with 

conventional alloy powder.  

Generally speaking, the distribution and sizes of the reinforcing particles are difficult to 

control when traditional melt-quenching techniques are employed [49, 87]. As discussed in 

sections 1.5.1, SLM offers new possibilities of producing BMGs. By mixing different powders, 

one gains a large degree of freedom regarding the microstructural design, i.e. the length scales 

and the distribution of the constituent phases. The first study in this direction has investigated 

the effect of mixing an intrinsically brittle Fe-based BMG with Cu and Cu-Ni powder prior to 

selective laser melting [221]. By adding Cu and Cu-Ni alloys as reinforcing phases, micro-
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cracking in the SLM parts is alleviated and the fracture toughness could be significantly 

enhanced. As shown in Fig. 1.21, reactions occurred at the interface of Cu and amorphous 

matrix and crystalline particles in nano-scale formed. The crystalline phases do not seem to 

significantly influence the mechanical properties. However, these aspects are of importance in 

other systems. Diffusion of elements across the crystal-glass interface might affect the glass-

forming ability and the phase formation, thus having a large impact on the result of the SLM 

process and the performance of the material.  

 
Figure 1.21 (a) TEM micrographs of the interface between amorphous matrix and additional 

Cu particle in the additively manufactured Fe-based BMGCs reinforced by pure Cu. The inset 

illustrates the EDXS profile cross the boundary between the BMG-matrix and the Cu particle. 

The contents of almost all the elements reduce dramatically at the interface. Only C does not 

change a lot. (b) HRTEM of the boundary zone H. Nanocrystals (CuC8) formed at the interface. 

Taken from [221] 

 

 

 

 

 

 

 



CHAPTER 2 Experimental 

36 

 

CHAPTER 2 Experimental 

2.1 Sample preparation  

    In the present work, glass-forming alloys with nominal compositions of 

Zr52.5Cu17.9Ni14.6Al10Ti5 (at.%) Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 (at.%) and Cu46Zr46Al8 (at.%) were 

fabricated via SLM and, for comparison, via casting. In the following paragraphs, the details of 

the sample preparation are given.  

2.1.1 Arc melting 

    The elements used in this study have high purities (over 99.9%). The constituent elements 

(Zr, Cu, Ni, Al, Ti, Fe and Sn) were ground with 800 grit grinding paper to remove surfaces 

oxides and impurities before alloying. Afterwards, the elements were cut to an appropriate 

weight (the accuracy is around 0.001g) for alloying. The weight of each ingot was between 20 

and 30 g. The employed arc-melter (Edmund Bühler GmbH) consists a melting system and a 

vacuum system. After placing the elements in the water-cooled Cu hearth, the device was 

evacuated up to a pressure of 10-4 - 10-5 mbar. Then the device was flushed with argon. A 

tungsten electrode was used to melt a Ti getter first for absorbing the residual oxygen in the 

chamber. The melting time and melting current depend on the compositions. Each ingot was re-

melted at least three times to ensure chemical homogeneity.  

2.1.2 Suction casting 

    After alloying the ingots were cracked into pieces. 4 or 7 g pre-alloy pieces were used to cast 

cylindrical rods with a diameter of 2 or 3 mm and a length of 50 mm. The arc-melter (Edmund 

Bühler GmbH) has a facility for suction casting (Fig. 2.1). When the chamber was evacuated to 

10-3 mbar, the under pressure tank which was connected with the Cu mould was closed to form 

a pressure difference between the chamber and the suction facility. After the pressure reached 

10-4 - 10-5 mbar, the chamber was flushed with argon. When the melt reached a certain fluidity, 

the under pressure tank was opened. With the pressure difference, the liquid alloy was sucked 

into the Cu mould.  
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Figure 2.1: Schematic illustration of an arc-melter. The device includes melting system, 

pressure control system and casting system. Taken from [246].  

 

2.1.3 Gas atomization 

    The Zr52.5Cu17.9Ni14.6Al10Ti5 (at.%) and Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 (at.%) ingots with a 

weight of 50 g were first prepared by arc melting (ALD Vacuum Technologies AG). Afterwards, 

they were transformed to powder by NANOVAL GmbH & Co. KG via electrode induction-

melting gas atomization (EIGA). A Cu46Zr46Al8 (at.%) rod with a weight of 5 kg was prepared 

at the Institute of Metal Research, Chinese Academy of Science, Shenyang, China. Afterwards 

the rod was transformed to powder by TLS Technik GmbH & Co. Spezialpulver KG via gas 

atomization. The particle size distribution was obtained by using dynamic image analysis 

(CAMSIZER X2, Retsch TECHNOLOGY). After sieving, a particle size below 90 µm was 

chosen for selective laser melting. 

2.1.4 Powder mixtures 

    In order to study the fabrication of BMGCs via SLM, 2 wt.% and 10 wt.% non-spherical Nb 

powder (particle size ≤ 63 µm) (AVIMETAL PM) was mixed with the amorphous gas-atomized 

Zr52.5Cu17.9Ni14.6Al10Ti5 powder in protective argon atmosphere. A drum hoop mixer (JEL PRM 

Mini-II) was used for 30 min at a speed of 30 rounds per minute. 
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Figure 2.2: Photograph of the drum hoop mixer. 

 

2.1.5 Selective laser melting (SLM) 

    The SLM process were carried out using a SLM 50 (Realizer GmbH) equipped with a 120 

W fiber laser (spot size: 50 µm) at room temperature. All the SLM samples were prepared on a 

steel substrate, which was sandblasted prior to the experiment. The rough surface of the 

substrate is beneficial for the powder deposition of the first few layers, ensuring the quality of 

the powder bed. High-purity Ar was used to purge the chamber and remain the oxygen content 

less than 0.01 vol.% throughout the whole process.  

 

Figure 2.3: Photograph of the SLM 50 (Realizer GmbH) system. 

 

    For the Zr52.5Cu17.9Ni14.6Al10Ti5 (at.%) SLM samples, a laser power of 109.5 W, a scanning 

speed of 1000 mm/s, a layer thickness of 40 µm and a hatch distance of 200 µm was employed. 
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The unidirectional scanning vectors were rotated by 90° in adjacent layers. These parameters 

represent an optimized process compared to our previous experiments [220]. For the 

Zr52.5Cu17.9Ni14.6Al10Ti5 glass matrix composites, the laser power was slightly adjusted to 105 

W because of the Nb additions. All other process parameters were identical to those used for 

pure Zr52.5Cu17.9Ni14.6Al10Ti5 powder. 

    For the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 (at.%) SLM samples, a parameter optimization was 

conducted in order to produce dense specimens. The laser power was varied between 37.5 and 

120 W. The range of scanning velocities was between 600 mm/s and 900 mm/s. The layer 

thickness and hatch distance were fixed as 40 µm and 140 µm, respectively. The unidirectional 

scanning vectors were also rotated by 90° in neighbouring layers. 

    For the Cu46Zr46Al8 (at.%) SLM samples, a constant layer thickness of 40 µm was selected 

for all experiments. The hatch distance was also fixed as 180 µm. The scanning velocity was 

altered from 800 mm/s to 1200 mm/s with a step size of 100 mm/s. The laser power was changed 

from 60 W to 120 W with a step size of 3 W at each scanning velocity. The scanning strategy 

was also kept as unidirectional vectors rotated by 90° in neighbouring layers. 

    By using the different process parameters, cylindrical specimens with diameters of 2 or 3 mm 

and a length of 6 mm were produced. To further study the deformation mechanism of additively 

manufactured BMGs, rectangular samples (dimension of 3 × 3 × 6 mm3) were also prepared.  

2.1.6 Heat treatment 

    In order to better analyse the crystalline phases, which formed during the SLM process, an 

additional heat treatment was carried out in an FRH-3-40-500-110 furnace (Linn High Therm.). 

Prior to the heat treatment, the samples were put in a glass tube, the interior of which was then 

filled with Argon to avoid the oxidation of the sample. The Zr52.5Cu17.9Ni14.6Al10Ti5 as-cast 

samples were heat-treated at 973 K and 873 K for 24 h. The as-cast Zr52.5Cu17.9Ni14.6Al10Ti5 

samples with 10 wt.% Nb (Zr48.3Cu16.5Ni13.4Al9.2Ti4.6Nb8 (at.%)) were also annealed at 973 K 

for 24 h. Afterwards, the samples were air cooled. The heat treatment was done with the help 

of Siegfried Neumann and Juliane Scheiter at IFW Dresden. 

2.2 Sample characterization methods 

    After the synthesis of the BMG samples via casting or SLM, the physical and chemical 

properties of the materials were analysed by using various methods. In the following sections, 

these methods and the respective parameters are listed. 
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2.2.1 Composition analysis 

    The gas atomization and SLM process may introduce oxygen or other elemental 

contamination. Moreover, preferential evaporation of certain elements during arc melting may 

occur. The exact chemical composition and the amount of contaminants, thus, have to be 

carefully checked. The chemical composition and the oxygen content of the powder, as-cast 

and SLM specimens were measured using ICP-OES (inductively-coupled plasma-optical 

emission spectroscopy, IRIS Intrepid II XUV from Thermo Fischer Scientific GmbH) and 

carrier gas hot extraction (TC-436DR, LECO), respectively. Three independent powder batches 

were measured to ensure the accuracy and reproducibility of the measurements. The chemical 

analysis was done by Andrea Voß at IFW Dresden. The oxygen content was measured by Heike 

Bußkamp at IFW Dresden. 

2.2.2 X-ray diffraction 

    X-ray diffraction (XRD) for phase identification was done on two different devices. One was 

a D3290 PANalytical X'pert PRO diffractometer with Co-Kα-radiation ( = 0.17889 nm) in 

reflection mode. The specimens were sliced into 2 mm thick pieces and ground (800 grit) to 

ensure that the samples have a uniform thickness. The scanning angle was set between 2θ = 20° 

and 100°. The device was operated at a voltage of 40 kV and a current of 40 mA. The other 

diffractometer used in this study is a STOE STADIP diffractometer (STOE & Cie GmbH) with 

Mo-Kα1-radiation ( = 0.07093187 nm) in transmission mode. The samples were ground to a 

thickness of 80 - 120 µm. The measurements on the STOE STADIP diffractometer were 

completed with the help of Dr. Konrad Kosiba. 

2.2.3 Calorimetry 

    The differential scanning calorimetry (DSC) measurements were performed from 313 K to 

873 K in a Perkin-Elmer Diamond calorimeter under the argon atmosphere. All the specimens 

with a weight of about 17 mg were measured at a heating rate of 0.33 K/s and a subsequent 

cooling rate of 1.67 K/s. In order to get the base line, two consecutive heating cycles were 

recorded: The samples were held at 313 K for 10 min, then heated up to 873 K at the rate of 

0.33 K, afterwards cooled down to 313 K at the rate of 1.67 K/s, held there for 10 min again, 

heated up to 873 K at the rate of 0.33 K. The Al2O3 crucibles were carried out for all the 

measurements. To investigate the influence of layer-by-layer process method from SLM on the 

structural relaxation of the glasses, the rods were sliced into the same thickness (about 650 µm) 

along the building direction, as shown in Fig. 2.4 and measured by DSC. The DSC 

measurements were done by Birgit Bartusch at IFW Dresden. 
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Figure 2.4: Schematic illustration of the DSC samples. The samples (S1 to S5) were taken from 

bottom to the top of the additively manufactured rods. 

 

2.2.4 Density measurements (Archimedean method) 

    For SLM samples, density is a decisive factor to evaluate their quality. The density of all the 

SLM samples was measured by the Archimedean method using a Sartorius density balance 

(MSA 225S). Samples were first weighed in air and afterwards weighed in distilled water. By 

using the difference of the two values obtained in air and water, the density of the sample can 

be calculated. 

2.2.5 µ-CT 

    By analysing the shape and distribution of the defects formed during the SLM process, the 

process parameters can be optimized. X-ray micro-computed tomography is an effective 

method to obtain such information. In this study, the shape and distribution of particles and 

pores, as well as the relative density were analysed by means of a Phoenix nanotom m (General 

Electric) equipped with a tungsten-diamond target at 130 kV and 100 µA. According to the 

dimensions of the samples, the voxel size ranged between 1 µm to 5 µm. A part of the analysis 

was carried out with the help of Dr. Alexander Funk at IFW Dresden. 

2.2.6 Scanning electron microscopy (SEM) 

    The microstructures and fracture surfaces were investigated in a scanning electron 

microscope (SEM, Gemini 1530, Carl Zeiss AG) in back-scattered electron (BSE) mode and 

secondary electron (SE) mode. The device is equipped with an energy-dispersive X-ray 

spectroscope (EDS; Quantax400 with SDD-Detector Xflash4010, Bruker) to analyse the 

distribution and the contents of different elements. The SE mode was carried out to observe the 

fracture morphologies, worn surfaces and the surfaces after corrosion tests. The BSE mode was 
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used to identify the BMG matrix and Nb addition, as well as the interface between them. The 

device was operated at a voltage of 15 - 20 kV, 60 - 120 µm aperture and the working distance 

was 10 - 12 mm.  

2.2.7 Transmission electron microscopy (TEM) 

    For more detailed structural investigations, a FEI Tecnai F20 transmission electron 

microscope (TEM) equipped with a field emission gun was used. The specimens with a 

diameter of 3 mm were first ground to the thickness of about 45 µm, with P800, P1200, P2500 

and P4000 sand paper. Afterwards, the samples were dimpled to reduce the central thickness to 

about 10 µm, followed by ion-milling until perforation using a Gatan 691 with liquid nitrogen 

cooling. High-resolution micrographs and selected area electron diffraction (SAED) patterns 

were used to analyse diffusion processes and the final microstructure of the samples. The 

sample preparation was achieved with the help of Dina Bieberstein at IFW Dresden, Germany. 

The sample observation and analysis were done by Dr. Long Zhang at the Institute of Metal 

Research, Chinese Academy of Science, Shenyang, China. 

2.2.8 Hardness measurements 

    Prior to the microhardness measurements, the samples were ground to 4000 grit and polished. 

Vickers microhardness measurements were performed on polished samples using an HMV 

Shimadzu Microhardness tester. Indents were created with a load of 200 g and 10 s of dwell 

time. The schematic of the location, at which microhardness indents are placed on the cross and 

longitudinal sections, is shown in Fig. 2.5. 

 
 

Figure 2.5: Schematic illustraton of locations for the indents.  
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    Nanoindentation testing was performed on both cross and longitudinal sections of the sample 

using a nanoindenter platform (G200, Agilent Inc.), equipped with a three-sided Berkovich 

diamond tip. Indents with a maximum load of 10 mN were created at a constant loading rate of 

1 mN/s (i.e., a loading duration of 10 s) and with a 5 s dwell time at peak load. 170 indents on 

longitudinal section as well as 143 indents on the cross section for each sample and the spacing 

between the individual indents is illustrated in the section 3.1.3.3. The hardness, H, was 

calculated from the load, P, divided by the projected contact area of the indenter tip, Ac:  

                                                    𝐻 =  
𝑃

Ac
                                                                           (2.1) 

The Young’s modulus, E, was derived from the reduced elastic modulus, Er, using the Poisson’s 

ratio, v: 

                                               E = (1 – v2) [
1

𝐸𝑟 
−  

1−vi
2

𝐸𝑖
]-1                                                      (2.2) 

with: 

                                                  Er = 
𝑆

2
√

𝜋

𝐴𝑐
                                                                            (2.3) 

where vi is the Poisson ratio of 0.07 and Ei is the elastic modulus of  1141 GPa [247, 248]. 

    All the nanoindentation measurements and the corresponding analyses were done by Dr. 

René Limbach at The University of Jena, Germany. 

2.2.9 Compression tests 

Cylindrical SLM and as-cast Zr52.5Cu17.9Ni14.6Al10Ti5, Cu46Zr46Al8 and 

Zr52.5Cu17.9Ni14.6Al10Ti5 samples with a length of 6 mm and a diameter of 3 mm were used for 

uniaxial compression tests. For the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 SLM and as-cast samples, the 

dimension is 2 mm in diameter and 4 mm in length. Prior to the tests, the cylindrical surfaces 

were ground to ensure that they are parallel and perpendicular to the cylinder axis.  

To further investigate the initiation and propagation of shear bands, one lateral side of the 

rectangular Zr52.5Cu17.9Ni14.6Al10Ti5 SLM samples (dimension of 3 × 3 × 6 mm3) was polished 

prior to loading up to (i) the onset of plastic deformation (1400 MPa) and (ii) fracture.  

The compression tests were performed at an initial strain rate of 2  10-4 s-1 in an Instron 

5869 at room temperature. The strain was measured directly on the samples using Fiedler laser 

extensometer. To ensure the repeatability of the results, at least 3 specimens were measured for 

each condition. 

2.2.10 Sliding wear tests 

Pin-on-disk friction tests were carried out in a Tribometer (T500, Nanovea) at room 

temperature with the help of Alexander Schultze at IFW Dresden. The cylindrical as-cast and 
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additively manufactured Zr52.5Cu17.9Ni14.6Al10Ti5 samples with a length of 20 mm and a 

diameter of 3 mm, whose surfaces were ground with 4000 grit SiC abrasive paper, and an 

X210Cr12 steel friction pair were used with a load of 15 N applied on the pin, a 15 mm radius 

of the wear track, a rotating speed of 240 RPM and a sliding duration of 480 min. The main 

parts of the device are marked and shown in Fig. 2.6. All the coefficients of friction (COF) data 

was recorded by the Nanovea Tribometer system. At least 3 samples of each process state were 

measured to ensure repeatability. 

 

Figure 2.6: Main parts of the Tribometer. Provided by Alexander Schultze. 

 

2.2.11 Corrosion tests 

    Cylindrical as-cast and additively manufactured Zr52.5Cu17.9Ni14.6Al10Ti5 specimens with a 

length of 10 mm and a diameter of 3 mm, as well as cylindrical Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 

SLM and as-cast samples, of which the dimensions were 2 mm in diameter and10 mm in length 

were electrically connected and embedded in epoxy resin for the electrochemical 

measurements. The cross section, the only part exposed to the corrosive environment of all the 

samples, was ground to 4000 grit, afterwards the interfaces between the sample and the epoxy 

resin were coated with a polymer to avoid crevice corrosion [133, 137].  

    For the Zr52.5Cu17.9Ni14.6Al10Ti5 samples, all polarization tests were performed at ambient 

temperature in a 0.01 M Na2SO4 and 0.1 M NaCl solution with pH 6.5 using a Solartron SI1287 

electrochemical interface, which was connected to a standard three-electrode cell with 

Zr52.5Cu17.9Ni14.6Al10Ti5 specimens as working electrode, a saturated calomel electrode (SCE, E 

(SHE) = 0.241 V) as reference electrode and a Pt-net as the counterelectrode.  

    For the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 samples, the device and working principle are the same 

as for the Zr52.5Cu17.9Ni14.6Al10Ti5 samples. The corrosion tests for the as-cast and additively 

manufactured Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 as-cast and SLM samples were conducted in 
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Ringer’s solution (8 g/L NaCl, 0.2 g/L KCl, 0.2 g/L CaCl2 and 1 g/L NaHCO3) with pH 7.4 at 

310 K (37 °C). 

    To ensure that the samples of both compositions have reproducible surface states after 

grinding, they were exposed to air with a relative humidity of around 30% at room temperature 

for 20 h before they were tested in the electrolyte. The specimens were immersed in the solution 

for 30 min while monitoring the open circuit potential (OCP). Potentiodynamic polarization 

measurements were conducted using a scan rate of 0.5 mV/s up to anodic potential values 

slightly beyond the pitting potential. The polarization direction was reserved when the measured 

anodic current density reached a defined value of 1 mA/cm2. The measurement was stopped at 

-0.5 V versus OCP. Each test was repeated at least five times for the Zr52.5Cu17.9Ni14.6Al10Ti5 

samples and two times for the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 samples in order to assess the 

repeatability of the measurement result. By means of graphical extrapolation analysis from each 

measured curve, the characteristic parameters were determined: corrosion potential Ecorr, 

corrosion current density icorr, pitting potential Epit and repassivation potential ER. The 

electrochemical corrosion tests were carried out and analysed by Dr. Annett Gebert and Marion 

Johne at IFW Dresden. 

2.2.12 Finite volume method modelling 

    A three-dimensional finite volume method (FVM) model was established to simulate the 

thermal evolution of the molten pool during processing of the Zr52.5Cu17.9Ni14.6Al10Ti5 and 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 SLM samples. The mathematical model was developed using the 

software FLUENT. The calculations were performed in a domain with a uniformly structured 

mesh containing 50 000 hexahedral cells and the overall dimension was 2 × 1 × 0.25 mm3. The 

loose powder material freely heaps up on the previously processed layer with a high porosity φ 

of about 40%. The laser beam penetrates the voids between the powder particles described by 

the multiple reflection mechanisms [249].The simulation was carried out by Hongyu Chen at 

IFW Dresden. 
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CHAPTER 3 Selective laser melting of glass-forming 

alloys 

    As outlined in section 1.5, selective laser metling (SLM) has great potential for producing 

glass-forming alloys. In this chapter, the processing route, mechanical and chemical properties 

of additively manufactured Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 and Zr52.5Cu17.9Ni14.6Al10Ti5 BMGs will 

be discussed. Afterwards, the deformation mechanism and the structural heterogeneity of the 

additively manufactured BMGs will be focused on. 

3.1 Selective laser melting of a Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 BMG 

Due to their advantageous physical and chemical properties (see Chapter 1), BMGs have a 

high load-bearing capability and can significantly reduce stress-shielding or the generation of 

wear debris, which are important when the alloys are used as implants, for instance [250, 251]. 

Also the biodegradability of certain Mg-based metallic glasses has been reported to be superior 

to that of crystalline alloys [252].  

For many biomedical applications, however, it is required that the material maintains its 

structural integrity even after prolonged times in the human body. Due to their limited ion 

release, bioinertness and beneficial mechanical properties, titanium and its alloys have already 

been used in the biomedical sector for decades [250]. Therefore, it appears natural to investigate 

the applicability of Ti-based BMGs as biomaterials in order to exploit their unique properties 

[253]. The first Ti-based amorphous alloy was reported in 1977 [254] and since then new glass-

forming compositions have been discovered such as Ti-Si, Ti-Ni, Ti-Be, Ti-Nb-Si, Ti-Al-Ni, 

Ti-Zr-Be, Ti-Zr-Cu-Pd-(Sn, Si, Nb) and Ti-Cu-Ni [255] (and references therein). However, 

only when the toxic element Be is present, does the critical casting thickness of the Ti-based 

alloys reach relatively high values (above 50 mm in Ti-Zr-Cu-Ni-Be and Ti-Zr-Cu-Fe-Be) 

suitable for real-world applications [256]. Otherwise, the glass-forming ability (GFA) is 

inherently low, which represents a major obstacle for most applications. Apart from further 

alloy optimization, selective laser melting (SLM) can help to overcome this problem.  

Here, a Ni-free Ti-based bulk metallic glass with the nominal composition of 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 (at.%) was fabricated via SLM. This alloy is known to have a high 

compressive yield strength, low elastic modulus, high corrosion resistance and good 

biocompatibility [257]. The processing route on the relative density, mechanical properties and 

corrosion behaviour will be discussed systematically in the following paragraphs. 
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3.1.1 Powder analysis 

    The actual chemical composition of the gas-atomized powder is provided in Table 3.1. The 

actual composition, Ti46.9Cu38.13Zr7.43Fe2.52Sn2.02Si1Ag2, only marginally deviates from the 

nominal composition, Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2. This indicates that gas atomization did not 

result in any significant compositional changes. The oxygen content of the powder is 930 ± 25 

ppm. After SLM processing, the alloy contains more oxygen (1250 ± 40 ppm) owing to the high 

affinity of Ti to oxygen [87]. 

Table 3.1 Chemical composition of the gas-atomized Ti46.9Cu38.13Zr7.43Fe2.52Sn2.02Si1Ag2 (at.%) 

powder. 

 

The size distribution and morphology of the powder particles are shown in Fig. 3.1. The 

particle size mainly distributes between 10 and 40 µm (Fig. 3.1 (a)). A relatively large fraction 

(above 60%) of particles has a diameter below 40 µm. The median powder particle diameter, 

d50 is 37.4 ± 1 µm. This information is important for setting the proper value for the layer 

thickness. Fig. 3.1 (b) indicates that some of the particles have an irregular, non-spherical shape, 

which can adversely affect the flowability of the powder (see section 1.4.1.1). In addition, the 

small powder particles tend to agglomerate and to form satellites sticking to the large powder 

particles. In some of the particles, pores (Fig. 3.1 (c)) and crystals (Fig. 3.1 (d)) become evident. 

Both pores and crystals tend to form in the larger particles and are generally found in their 

centres. The pores may negatively affect the relative density of the SLM samples, resulting in 

a premature failure upon mechanical loading.   

Element (wt.%) Ti Cu Zr Fe Sn Si Ag 

nominal 

powder 

37.69 

37.44  

± 0.16 

40.45 

40.40 

± 0.23 

11.46 

11.31 

± 0.06 

2.34 

2.35 

± 0.01 

3.98 

3.99 

± 0.02 

0.47 

0.47 

± 0.01 

3.16 

3.59 

± 0.01 
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Figure 3.1: (a) Particle size distribution of the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 powder. The 

diameters of the powder particles primarily range between 10 and 40 µm. (b) Morphology of 

the sieved gas-atomized powder. A part of the particles exhibits non-spherical shapes. Satellites 

and agglomeration were found for the fine particles. (c) The morphology of the polished 

powder. The large particles contain pores. (d) A polished particle at high magnification. The 

dark coral-like patterns are crystals. 

 

3.1.2 Parameter optimization and microstructural characterization 

According to the results presented above, the layer thickness and hatch distance were fixed 

as 40 µm and 140 µm, respectively. In order to investigate the effect of energy input on the 

microstructure of the SLM samples, Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 bulk samples were prepared 

with varying laser powers and scanning velocities. The XRD patterns of eight different SLM 

samples with a diameter of 3 mm are shown in Fig. 3.2. The energy input of these specimens 

was selected from low to high (11.2 J/mm3 - 23.8 J/mm3). Surprisingly, all SLM samples exhibit 

a broad scattering maximum and appear to be fully amorphous. In other words, with increasing 

energy input, the SLM samples still remain amorphous. This result is quite different from the 

previous study on Zr-based bulk metallic glasses produced by SLM, which partially crystallized 

on employing relatively high energy inputs [220]. This finding indicates that the 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 metallic glass has a larger process window, which is generally 

beneficial for the optimization of the relative density.  
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Figure 3.2: X-ray diffraction patterns of the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 samples produced by 

selective laser melting with varying energy inputs at a constant layer thickness of l = 40 µm and 

a constant hatch distance of h = 140 µm. The corresponding laser power, scanning velocity and 

corresponding energy inputs are indicated.  

 

As discussed above, fully glassy samples can be fabricated by selective laser melting once 

the critical energy input is identified. Because only fully dense SLM samples might be able to 

compete with as-cast samples in terms of mechanical properties, only glassy SLM samples with 

a high relative density should be considered. In the first step, therefore, the interrelation between 

the relative density and the employed process parameters is investigated. Since the layer 

thickness and hatch distance are kept constant, the laser power and scanning velocity are the 

only variables of interest here. The relative density is plotted as a contour map as a function of 

the latter two parameters in Fig. 3.3. It shows the details of the interrelation between these 

process parameters and the relative density. The black diamonds represent those samples, which 

were analysed by µ-CT. These samples will be discussed in the following paragraphs. The 

dashed lines in Fig. 3.3 represent values of constant energy input. Although there is a relatively 

wide process window for obtaining fully amorphous samples, the process window, which 

allows obtaining samples with a high relative density (over 98%), is comparatively narrow. 

High relative densities were only found in the area between 13 J/mm3 and 16 J/mm3. Unlike for 

selectively laser-melted Zr-based BMGs [220], an increase of the laser power first increases the 
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relative density and then decreases it at a given scanning velocity. Thus, the relative density 

does not increase linearly with the laser power in the present Ti-based BMG. The same trend is 

found for varying the scanning velocity at a constant laser power (Fig. 3.3). In other words, 

there is no single process parameter has a monotonous effect on the relative density of the 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 samples produced by selective laser melting. 

 

Figure 3.3: Contour map of the relative density of the SLM Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 

samples as a function of scanning velocity and laser power at a constant layer thickness l = 40 

µm and hatch distance h = 140 µm. The dashed line indicates values of constant energy input. 

The black diamond with the corresponding energy input will be discussed in the following 

paragraphs. µ-CT scans of the cross section for samples produced with the parameters (a) - (f) 

are shown in the Fig. 3.4. 

 

Fig. 3.4 shows selected but representative cross sections of the SLM samples manufactured 

with different processing parameters and energy inputs. All the parameters and energy inputs 

discussed in the following are marked in Fig. 3.3 and the respective µ-CT scans are displayed 

in Fig. 3.4. When the energy input is only 8.4 J/mm3 (scanning speed: 800 mm/s, laser power: 

37.5 W; point (a) in Fig. 3.3), pores distribute uniformly at the cross sections (Fig. 3.4 (a)). 

Since the energy input is low, the powder is not completely melted and multiple voids and pores 

are trapped in the final sample. The pores, especially the large pores have an irregular shape. 
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As indicated in Fig. 3.3, the relative density just reaches about 92%. Increasing the laser power 

at a scanning speed of 800 mm/s to a value of 67.5W raises energy input to 15.1 J/mm3. The 

big, irregularly shaped pores apparently disappear. Only some small pores can be found at the 

edges of the cross section (Fig. 3.4 (b)). The corresponding relative density is over 98%, 

suggesting that enough energy is transferred to the powder in order to fully melt it. By 

continuously increasing the laser power, the energy input reaches 23.4 J/mm3 (point (c) in Fig. 

3.3). However, the relative density drops to about 96%. As shown in Fig. 3.4 (c), round and 

relatively big pores can be found in the specimens. Because the high energy input results in 

evaporation of the alloy (see section 1.4.1.1) such big and round pores appear. When the energy 

input decreases, the amount of the big round pores also decreases (Figs. 3.4 (d) and (e)). When 

the laser power is kept constant, a higher scanning velocity (i.e. a decreased energy input) can 

apparently reduce the formation of round pores in the central part of the cross section (Fig. 3.4 

(f)). However, simultaneously, there exist more small pores at the margins of the sample. The 

shape and distribution of the pores on the cross sections underpin the finding discussed above: 

no individual process parameter has a monotonous effect on the relative density. 
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Figure 3.4: Cross sections of the SLM samples produced with different energy inputs. All the 

samples were prepared with a constant layer thickness, l = 40 µm, and hatch distance, h = 140 

µm. The laser power, scanning velocity and corresponding energy inputs for (a) - (f) are marked 

in Fig. 3.3. 

 

Combining the information of Figs. 3.2, 3.3 and 3.4, a relatively dense (98.5%), fully glassy 

sample was produced with the energy input of 15.4 J/mm3 (v = 780 mm/s, hatch distance h = 

140 µm, layer thickness l =40 µm, and laser power P = 67.5 W). Afterwards, the microstructure 

and thermal stability of SLM samples produced with these optimized parameters were 

compared with the initial powder and as-cast samples.  

The diffraction patterns of the powder, a SLM sample and an as-cast rod are displayed in 

Fig. 3.5 (a). Some sharp reflections superimpose on a broad background typical of metallic 
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glasses in the case of the powder. The reflections are identified to result from Ti2Cu, Ti3Cu4 and 

TiCu in agreement with previous reports [257]. Consequently, these are the phases, which 

constitute the crystals seen in Fig. 3.1 (d). The cooling rate during gas atomization, apparently, 

is not high enough to suppress crystallization and as a result, partially crystalline powder 

particles are obtained. This is unexpected because the critical casting thickness has been 

reported to reach 7 mm [257] and gas atomization with its high intrinsic cooling rates should, 

therefore, yield fully amorphous powder. In spite of the elevated oxygen content in the powder, 

no stable or metastable phases with icosahedral order (quasicrystals or the big cube phase) [258, 

259] precipitate. In contrast, the diffraction patterns of the SLM sample and the as-cast rod only 

exhibit a broad scattering maximum and appear to be fully glassy. It is noteworthy that the alloy 

vitrifies during SLM although the cooling rates should be similar to those of gas atomization 

[260]. The short lifetime of the molten pool [261] seems sufficient to overcome the slight 

chemical segregation, which accompanies the formation of the present Ti-rich Ti2Cu phase and 

to produce a chemically uniform melt. The subsequent cooling again proceeds sufficiently fast 

to warrant vitrification.  

 
Figure 3.5: (a) X-ray diffraction patterns of the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 powder, a 

cylindrical SLM sample and an as-cast rod. The latter two have a diameter of 2 mm. Crystalline 

reflections can be only detected in the gas-atomized powder. (b) DSC curves of the 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 powder, a cylindrical SLM sample and an as-cast rod recorded at a 

heating rate of 0.33K/s. The glass-transition temperature, Tg and the onset of crystallization, Tx, 

are marked by arrows. 

 

The thermal stability and crystallization behaviour were analysed on heating and the 

respective DSC traces are displayed in Fig. 3.5 (b). All the samples show the typical features of 

metallic glasses, i.e. a distinct glass transition followed by a supercooled liquid region prior to 

multiple exothermic events associated with crystallization. The glass-transition temperature, Tg, 

as well as the onset-temperature of crystallization, Tx, are indicated in Fig. 3.5 (b) and these 
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values are listed in Table 3.2 next to the enthalpy of crystallization, ΔHcryst, of the first 

crystallization event. The values of Tg, Tx, ΔTx and ΔHcryst are identical within the experimental 

error for the as-cast rod and the SLM sample. Only the powder is obviously different due to its 

partially crystalline nature. More importantly, the SLM samples exhibit a thermal stability 

identical to the as-cast material and SLM processing or the elevated oxygen content do not 

measurably deteriorate the glass-forming ability or the stability of the glass against 

crystallization. 

Table 3.2: Glass-transition temperature, Tg, onset-temperature of crystallization, Tx, extension 

of the supercooled liquid region, ΔTx, and enthalpy of crystallization of the first crystallization 

event shown in Fig. 3.5 (b) for the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 powder, a SLM sample and an 

as-cast rod. 

 

The relative density plays a decisive role for the deformation behaviour and, consequently, 

detailed information about the density is critical for understanding irreversible flow in metallic 

glasses. The relative densities of the specimens as obtained by the Archimedean principle range 

from 98.5% to 98.7% (Fig. 3.3), but these values do not provide any hints related to the 

distribution or sizes of the pores. In order to gain more information about these aspects, the 

densest specimens were investigated by µ-CT. The result is shown in Fig. 3.6. In the cross-

sectional view of Fig. 3.6 (a), small pores with a typical diameter of 10 - 30 µm can be found. 

Only a few larger defects locate at the edge of the sample. As mentioned above, the powder 

consists a certain amount of small powder particles. Van der Waals forces between these small 

particles generally enhance their tendency to agglomerate [153], which renders a uniform 

distribution and dense packing impossible. This in turn increases the probability of the forming 

small pores during SLM [262]. Moreover, the non-negligible fraction of irregularly shaped 

particles (Fig. 3.1) may additionally reduce the packing of the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 

powder which then enhances the formation of pores. The size distribution of defects and the 

full µ-CT reconstruction (inset) of a SLM sample is depicted in Fig. 3.6 (b). As shown in the 

histogram, the vast majority of the pores has diameters between 15 µm and 35 µm. The relative 

density evaluated from the µ-CT reconstruction amounts to 99% to 99.5% which is higher than 

the values obtained from Archimedean principle mentioned above. Because of the limited 

 Tg ± 1 (K) Tx ± 1 (K) ΔTx = Tx - Tg 

± 2 (K) 

ΔHcryst ± 1 

(J/g) 

powder 

SLM 

as-cast 

642 

658 

660 

698 

708 

706 

56 

50 

46 

24.5 

26.7 

25.9 
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resolution of the device, small pores (less than 10 µm) cannot be detected reliably by µ-CT. In 

addition, small air bubbles can adhere to the rough surface of the SLM samples which may 

influence the results of the Archimedean measurement and could account for the observed 

discrepancy. As shown in the inset of Fig. 3.6 (b), the pores are uniformly distributed in the 

sample. No obvious pore aggregation is visible. 

 

Figure 3.6: (a) Cross-sectional slice of a Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 sample produced by SLM 

as obtained by µ-CT. The darker pores are relatively small and uniformly distributed across the 

sample. (b) Size distribution of defect for SLM sample. Pores have a main size range between 

15 µm and 35 µm. Full µ-CT reconstruction of a compression test rod with a diameter of 2 mm 

produced by SLM (inset). The pores are indicated. Even though the sample appears to be highly 

porous the relative density is determined to be 99.5% (µ-CT).   

 

3.1.3 Mechanical properties 

3.1.3.1 Compression tests 

    In order to investigate the effect of the processing route on the materials response to 

mechanical loading, SLM samples and as-cast samples were uniaxially compressed. Fig. 3.7 

compares the compressive stress-strain curves for two representative samples. The as-cast 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 sample yields at stresses around 2000 MPa and exhibits serrated 

flow in the plastic regime. The Young’s modulus of both samples is E =100 ± 5 GPa and the 

as-cast sample fails after a plastic strain of about 1.8%. The SLM samples, however, fractures 

at lower stress (1690 ± 50 MPa) without any significant plastic deformation.  

After having successfully produced dense and fully glassy Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 bulk 

specimens, complex and delicate geometries were also manufactured via SLM (inset to Fig. 3.7) 

in order to assess the processability of the present powder. The miniature skull and hand, shown 

in the inset, are fully glassy and have a relatively smooth surface. Even very flimsy details can 
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be obtained without any macroscopic defects. Since Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 BMG is 

proven to have a good biocompatibility, the good processability of this alloy indicates the large 

potential the present approach has for additively manufacturing Ti-based glasses for biomedical 

applications.  

 
Figure 3.7: Compressive stress-strain curves of glassy Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 rods with a 

diameter of 2 mm prepared by casting and SLM. The inset depicts complex structures composed 

of glassy Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 produced by SLM. 

 

Although the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 sample synthesized by SLM has a high strength, 

the underlying mechanism for premature failure and the absence of plastic strain needs to be 

further investigated. Therefore, the fracture surfaces were observed under SEM. Fig. 3.8 depicts 

the morphology of the fracture surfaces for the additively manufactured (Figs. 3.8 (a) - (c)) and 

the as-cast (Fig. 3.8 (d)) samples. As shown in Fig. 3.8 (a), unlike the as-cast rods, which have 

a well-defined, relatively smooth fracture plane inclined by 45 ° with respect to the loading axis 

(not shown here), the fractured SLM samples appear completely different. The fracture angle 

is at almost 90 ° with respect to the loading axis, which indicates that the stress state and fracture 

mode is rather different for the SLM samples. Vein-like patterns can be found on the fracture 

surfaces of both SLM (Fig. 3.8 (b)) and as-cast (Fig. 3.8 (d)) samples, but one cannot identify 

a clear fracture plane for the SLM samples. The vein-like patterns are not continuous and the 

fracture plane is rather rugged, suggesting a different stress state under loading compared to the 

as-cast sample. The SLM sample fails in a brittle fashion, which can induce severe surface 

roughness. Moreover, nanoscale periodic corrugations form at the fracture surface (Fig. 3.8 (c)). 

The presence of the pores results in a complicated directional stress field [49]. This can reduce 
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the local stress intensity factor, decrease the size of the damage cavity and raise the density of 

the cavities [263]. The self-assembly of cavities needs a critical density to make the cavities 

close enough to be within each other’s elastic influence range [263]. Therefore, the periodic 

corrugation pattern forms on the rugged surface. Broadly speaking, the uniform porosity seems 

responsible for the premature failure and the differences in the fracture morphology. 

 

Figure 3.8: Fracture surfaces of Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 additively manufactured samples 

((a) - (c)) and as-cast sample (d). (a) The additively manufactured sample does not fail in a shear 

mode under an angle of 45 °. (b) The vein-like patterns exist in rugged plane. (c) Nanoscale 

periodic corrugations are found on the fracture surfaces. (d) The typical vein-like patterns of 

the as-cast samples. 

 

3.1.3.2 Microhardness and structural relaxation 

To further investigate possible structural heterogeneities in the SLM samples and the 

influence of the layer-by-layer process method on the mechanical properties, microhardness 

measurements were carried out on both SLM and as-cast samples. Fig. 3.9 depicts hardness 

maps of the cross and longitudinal section for both SLM and as-cast samples. The schematic of 

the locations at which indents were taken can be found in section 2.2.8. The cross-section and 

the longitudinal section of the SLM as well as as-cast sample have similar hardness values 

ranging between 571 HV0.2 and 596 HV0.2. The cross-section (Fig. 3.9 (a)) and the 

longitudinal section (Fig. 3.9 (b)) of the SLM sample exhibit quite uniform hardness values 
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across the whole sample. Except for the few soft or hard areas, the structure seems to be 

macroscopically homogeneous. The heat-affected zone (HAZ) does not reflect in the hardness 

map. This could be explained by the fact that the distance between the indents is 100 µm, which 

is on the order of the HAZ [128].  

 
 

Figure 3.9: (a) and (c) depict the hardness contour maps for the cross section of a SLM and an 

as-cast sample, respectively. (b) and (d) show the hardness maps for the longitudinal section of 

SLM and as-cast BMGs, respectively. 

 

The enthalpy of relaxation provides valuable information on the structural state of a glass 

and its degree of metastability [69, 264, 265], which, in turn, has an effect on the mechanical 

properties [69, 264]. For this reason, the relaxation behaviour of the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 

glass processed by selective laser melting was investigated (Fig. 3.10). The relaxation 

enthalpies of the SLM samples range between ΔHrelax = 9.22 J/g and ΔHrelax = 10.36 J/g, whereas 

the as-cast samples display distinctly lower values (ΔHrelax = 4.86 - 5.68 J/g). The relaxation 

enthalpy is a measure for the free volume trapped in the structure of the glass as it vitrifies [266] 

and, consequently, is a measure for the average atomic packing density [267]. This enthalpy 

strongly depends on the cooling rate (see section 1.1) [266]. Compared to SLM where cooling 

rates of about 6.5  105  K/s prevail [198], copper-mould casting of rods with 3 mm in diameter 

are estimated to occur only at about 200 K/s [268]. Thus, the significantly larger relaxation 

enthalpy measured for the SLM samples seems to result from the faster solidification process. 

Such a clear trend, however, is remarkable considering the complex thermal history of BMGs 

prepared by SLM: As outlined in section 1.4.2, the laser beam is a highly concentrated heat 
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source, which generally does not only melt the topmost powder layer. Instead, already solidified 

layers beneath it are re-melted [128] and the heat is subsequently dissipated in the bulk material 

underneath [128], the aforementioned HAZ [128, 229]. According to finite element simulations, 

the HAZ expands up to 100 µm into the previously fabricated material [128]. In conventional 

crystalline materials processed by SLM, the HAZ can be directly proven in micrographs 

because it often leads to a change in the phase composition or the grain morphology [128, 229]. 

While there is not a microstructure of any kind in metallic glasses being able to reveal the HAZ, 

the heat treatment could lead, instead, to overall relaxation of the glassy structure (section 1.4.2) 

[128, 269]. This is obviously not the case (Fig. 3.10) as the relaxation enthalpies suggest. One 

can speculate that the duration of the temperature rise is too short [128] to cause pronounced 

relaxation and, therefore, the enthalpy of relaxation remains larger than for the as-cast glass. 

This finding seems reasonable and has been reported by other groups as well [230]. To further 

investigate the thermal history of SLM, in section 3.3, the relaxation enthalpies of the slices 

taken from bottom to the top of the additively manufactured sample will be compared. 

 
Figure 3.10: DSC curves of as-cast and additively manufactured Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 

samples show exothermic structural relaxation. The relaxation enthalpies of additively 

manufactured samples are larger than the as-cast samples. 

 

3.1.3.3 Nanoindentation  

The experiments discussed so far have a relatively limited spatial resolution and do not allow 

for detailed information on a small length scale. A more local and commonly applied probe is 

nanoindentation [270]. As outlined in section 1.4.2, the thermal history of selectively laser-

melted alloys is complex and results in locally different microstructures in the case of 

conventional alloys [207]. Even in the absence of crystallization in the heat-affected zone, the 
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locally different thermal history imposed on the material during selective laser melting (e.g. in 

the heat-affected zone (HAZ)), might result in a structurally heterogeneous metallic glass. One 

could conceive of it as locally more or less relaxed on a micron-scale and could term it “µ-glass” 

in analogy to the known nanoglasses [271-273]. Such structural differences might be detectable 

by nanoindentation. Figs. 3.11 (a) and (b) display the hardness maps of the cross section and 

the longitudinal section for the SLM sample.  

  

Figure 3.11: Hardness contour maps of cross sections (a) and longitudinal sections (b) of the 

additively manufactured Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 BMG based on the indents (black dots) 

indicated. Both sections show similar hardness values and heterogeneous structure.  

 

The nanohardness maps of the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 SLM sample indicate a clearly 

heterogeneous structure (Fig. 3.11). Both sections show similar hardness values, which range 

between 7.0 and 8.0 GPa, and they are distributed in a non-uniform manner. The layer-by-layer-

like synthesis seems to be reflected in the hardness distribution of the longitudinal section. 

In the next step the distribution of hardness values was statistically analysed (Fig. 3.12) in 

order to get a more quantitative picture. The Weibull modulus of the longitudinal section (m = 

53.69 ± 0.96) is higher than the cross section (m = 48.82 ± 0.93). This result indicates that the 

longitudinal section is slightly more homogeneous. The structural heterogeneity will be 

discussed in more details in section 3.3 by comparing with the additively manufactured 

Zr52.5Cu17.9Ni14.6Al10Ti5 samples.   
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Figure 3.12: Weibull plot of the hardness values for additively manufactured 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 BMG shown in Fig. 3.11. The Weibull modulus, m, is derived from 

the slope of the linear regression curve of ln[-ln(1-f)] over ln(H), marked by the dashed lines.  

 

3.1.4 Corrosion properties 

    The processability and mechanical properties of the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 glass 

prepared by SLM appears promising, its corrosion behaviour -another crucial factor for 

biomedical applications- is still unknown. In order to demonstrate the feasibility of additively 

manufactured Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 sample for the use as implant material, the 

polarization tests were carried out in a synthetic body fluid, i.e. Ringer’s solution. Fig. 3.13 

shows anodic polarization curves of both SLM and as-cast samples. In both cases, the corrosion 

current densities icorr are quite small, i.e. in the range of 0.06 - 0.07 µA/cm² which corresponds 

low free corrosion rates. The SLM sample has an Ecorr value of -0.23 V vs. SCE. The Ecorr value 

of the as-cast sample is -0.24 V vs. SCE, which is more negative. This can be indicative of a 

more reactive surface state under free corrosion conditions. During anodic polarization, the 

current densities of the SLM and as-cast sample increase gradually up to 0.6 µA/cm² and 1 

µA/cm², respectively. This indicates very low corrosive dissolution, which is superimposed by 

anodic growth of passive films with a strong barrier-type effect [137, 274]. Pitting initiation and 

propagation is evident from a sudden steep rise of the anodic current density for both alloy 

states at Epit [137]. As shown in Fig. 3.13, the pitting initiation of as-cast samples is retarded 

according to a more positive Epit value. In both curves, a significant overshoot of the current 

density above the set value of 1 mA/cm² occurs followed by a wide, high-level current density 

range in the reverse scan. This suggests strong pit propagation into the glassy matrix and a low 

repassivation ability. The current density level of the as-cast sample in the reverse scan is higher 

and the repassivation potential, ER, is shifted to more negative values corresponding to a 
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retarded healing of the damaged surface. When comparing the SLM and as-cast sample, the 

SLM sample shows similar Ecorr, icorr and ipassive values but pitting occurs earlier. These results 

reveal that the SLM sample has a slightly lower pitting corrosion susceptibility and better 

surface healing ability. The corrosion property of SLM sample shown here may be attributed to 

a more pronounced structural or chemical homogeneity. 

 

Figure 3.13: Anodic polarization curves recorded for additively manufactured and as-cast 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 samples in Ringer’s solution with pH 7.4 at 310 K. Corrosion 

potential (Ecorr), pitting potential (Epit) and repassivation potential (ER) are marked. Both 

samples show similar corrosion behaviour. The SLM sample performs slightly better than the 

as-cast sample during pitting corrosion. 

 

3.2 Selective laser melting of a Zr52.5Cu17.9Ni14.6Al10Ti5 BMG 

Relatively dense glassy Zr52.5Cu17.9Ni14.6Al10Ti5 specimens were produced by SLM. The 

mechanical properties (compression and wear tests) as well as the corrosion behaviour of these 

samples were assessed and compared with as-cast samples of the same composition. The 

corresponding results are discussed in the following. 

3.2.1 Powder analysis 

    As shown in Table 3.3, the chemical composition of the gas-atomized 

Zr52.3Cu18Ni14.6Al10.1Ti5 (at.%) powder is in excellent agreement with the nominal composition 

Zr52.5Cu17.9Ni14.6Al10Ti5, suggesting that gas atomization does not significantly change the 

composition of the present alloy. The oxygen content of the original alloy powder (487 ± 5 

ppm) is significantly lower than that of the samples after SLM processing (920 ± 20 ppm). 
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Apparently, residual oxygen in the chamber is absorbed during SLM processing because of the 

high affinity and solution ability of Zr and Ti for oxygen [87, 275]. In addition, owing to the 

low oxygen content in the arc-melter, the oxygen content of the as-cast sample is only 77 ± 5 

ppm.  

Table 3.3 Chemical composition of the gas-atomized Zr52.3Cu18Ni14.6Al10.1Ti5 (at.%) powder. 

Element (wt.%) Zr Cu Ni Al Ti 

nominal 65.67 15.60 11.75 3.70 3.28 

powder 65.53 

± 0.26 

15.74 

± 0.04 

11.75 

± 0.03 

3.76 

± 0.01 

3.26 

± 0.01 

 

    Fig. 3.14 (a) depicts the particle size distribution of the sieved Zr52.5Cu17.9Ni14.6Al10Ti5 

powder. Knowledge of the powder size distribution is inevitable for choosing the proper layer 

thickness and hatch distance. The majority of the particles has a diameter ranging between 20 

and 50 µm. The morphology of the powder particles shown in Fig. 3.14 (b) indicates that only 

some particles have an irregular, non-spherical shape. Moreover, some satellites sticking to the 

relatively large particles and only few powder agglomerates are visible, which is typical of gas-

atomized powder [171]. Yet, these phenomena are not so pronounced as to adversely affect the 

flowability of the powder in the present case [167, 171]. 

 

Figure 3.14: (a) Particle size distribution of the Zr52.5Cu17.9Ni14.6Al10Ti5 powder after sieving. 

The powder diameters mainly distribute between 20 and 50 µm. (b) Scanning electron 

micrograph of the sieved gas-atomized powder. Some particles display non-spherical shapes. 

Especially the fine particles tend to form satellites and to agglomerate. 

 

3.2.2 Microstructural characterization 

The relative density of all SLM samples exceeds 98.7% according to the Archimedean 

method. The corresponding XRD patterns of the different samples are displayed in Fig. 3.15 

(a). Neither in the XRD patterns of the cross section of the SLM sample nor in the patterns of 
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the powder (Fig. 3.15 (a)) sharp reflections can be observed indicating the presence of 

crystalline phases. Instead, only a broad scattering maximum is visible, as found for the as-cast 

sample. Consequently, bulk amorphous Zr52.5Cu17.9Ni14.6Al10Ti5 samples were fabricated by 

SLM.  

To obtain more details about the glassy nature, the samples were analysed with differential 

scanning calorimetry. Fig. 3.15 (b) displays the DSC traces of a SLM sample, an as-cast sample 

as well as of the powder. The glass-transition temperature (Tg) and the crystallization 

temperature (Tx) are marked by arrows. All samples show a characteristic glass transition and a 

supercooled liquid region prior to the exothermic crystallization events. However, the trace of 

the SLM sample appears to be slightly different in terms of the crystallization behaviour. 

Separating the sequence of crystallization events is not as obvious as for the as-cast samples or 

the powder, most likely due to the significantly higher oxygen content. In Zr-based BMGs, the 

oxygen content is the main factor for the formation of the big cube phase and icosahedral 

crystals, which may result in different DSC traces [276, 277]. However, the crystallization 

enthalpy determined for the SLM sample (ΔHcryst = 55 ± 2 J/g) is similar to that calculated for 

the as-cast sample (ΔHcryst = 54 ± 2 J/g) and for the powder (ΔHcryst = 52 ± 2 J/g). Consequently, 

the presence of crystalline phases should be ruled out as a reason for the variation of the DSC 

curves of the specimens prepared by SLM. More information of structural relaxation obtained 

from DSC curves will be addressed in section 3.2.3. 

In order to further characterize the structural state of the SLM samples, transmission electron 

microscopy was carried out. A representative bright-field TEM micrograph and the 

corresponding selected area electron diffraction (SAED) pattern are displayed in Fig. 3.15 (c). 

The bright-field TEM image reveals a homogeneous maze-like pattern. Moreover, the SAED 

pattern (shown as inset) exhibits broad and diffuse rings. These results strongly indicate that the 

SLM sample is fully amorphous, which is in agreement with the results obtained by XRD and 

DSC. 
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Figure 3.15: (a) X-ray diffraction patterns of the Zr52.5Cu17.9Ni14.6Al10Ti5 powder, as-cast and 

SLM rods with a diameter of 3 mm. The SLM sample was produced with the optimized 

parameter set with a laser power of 109.5 W, a scanning speed of 1000 mm/s, a layer thickness 

of 40 µm, and a hatch distance of 200 µm. Only broad diffraction maximum can be observed, 

suggesting a fully amorphous structure. (b) DSC traces of representative powder, as-cast and 

SLM samples. An obvious endothermic glass transition at Tg (marked by arrows), followed by 

exothermic crystallization can be seen in all traces. (c) TEM micrograph and corresponding 

SAED pattern (inset) of a SLM sample. A homogeneous maze-like pattern reveals a fully glassy 

structure for the SLM specimen. The broad and diffuse rings also shown in the inset indicate an 

amorphous structure. 

 

Fig. 3.16 shows the defect size (i.e. pore size) distribution and a full µ-CT reconstruction of 

a representative SLM sample for compression test. The pores distribute uniformly across the 

sample and no pore aggregation can be found, which is different from the previous work [220]. 

During SLM processing, the formation of pores is inevitable. There are many factors, which 

promote the formation of defects such as non-ideal powder deposition, the laser power 

distribution and the quality of the powder particles [167]. The slightly enhanced laser power in 

combination with the optimized scanning velocity apparently reduces the likelihood to locally 

not melt powder particles. In addition, the proper amount of relatively small powder particles 

increases the packing density in the powder bed. The pore size ranges from 10 µm to 70 µm. 

Most of the defects exhibit a spherical geometry, which reveals that the energy input is 

sufficient. Furthermore, the largest fraction of pores has dimensions below 35 µm, indicating 

that the optimized parameter can eliminate pore aggregation and decrease the defect size.  
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Figure 3.16: Defect size distribution and µ-CT reconstruction (inset) of a 

Zr52.5Cu17.9Ni14.6Al10Ti5 sample produced by SLM. The pore size is randomly distributed within 

the sample. 

 

3.2.3 Mechanical properties  

3.2.3.1 Compression tests 

The SLM samples and the as-cast samples were then uniaxially compressed. Fig. 3.17 (a) 

depicts the compressive stress-strain curves of three as-cast and three SLM rods. All as-cast 

samples show a distinct plastic strain after yielding at stresses ranging between 1830 MPa and 

1930 MPa as well as a fracture strain of 3.1% to 3.8%. The cylindrical SLM samples show 

comparatively lower yield stresses (1670 MPa to 1710 MPa) and also show a typical plastic 

strain of up to 0.5% after yielding.  

The fracture surfaces of the SLM samples were investigated in a scanning electron 

microscope (Figs. 3.17 (b) to (d)). The fracture surfaces are rather smooth and form a distinct 

plane inclined by 45° with respect to the loading axis (inset of Fig. 3.17 (b)). This is quite 

different from previous investigations, in which the fracture surface is not a single plane but is 

reminiscent of an inclined rooftop (see Fig. 3.8). This means that the stress state is different in 

the present SLM samples and reveals that they predominantly fail in a shear mode [278]. 

Multiple interlaced planes form only at the edges of the rods, which cannot be found in the as-

cast samples (not shown here). At higher magnifications (Fig. 3.17 (c)), it becomes obvious that 

the areas around the pores have a more rugged morphology possibly due to the different stress 

state during compression [220]. Moreover, the vein-like pattern, which is characteristic of shear 

fracture of as-cast BMGs [278] is found in pore-free regions (Fig. 3.17 (d)), suggesting that the 
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lower porosity contributes to the enhanced plasticity. However, uniformly dispersed, relatively 

small pores in metallic glasses are known to drastically elevate plastic deformability [64-66]. 

Such an enhancement of plasticity has been attributed to stress concentrations around the pores 

leading to shear-band proliferation [49, 65, 66, 279]. As indicated in Fig. 3.16, there are a few 

exceptionally large pores present and the µ-CT reconstruction implies that some of the pores 

have an irregular shape. These large pores possibly having sharp edges concentrate the stresses 

during loading and might, thus, be responsible for early failure [49, 280]. This phenomenon 

cannot be counterbalanced by the altered stress state and the more uniform shear band 

generation around the smaller pores. Simultaneously, the fracture stress must be lower for the 

additively manufactured samples than for the as-cast samples. Another possible explanation for 

the reduced plasticity of the additively manufactured glass could be its relatively high oxygen 

content. Oxygen embrittlement has been reported for a variety of glass-forming alloys [281, 

282] including Zr-based alloys [283, 284]. However, the mechanism underlying this 

phenomenon is still subject of debate. Above a certain level, oxygen generally reduces the glass-

forming ability by interfering with the crystallization process [284, 285]. In the case of Zr-based 

bulk metallic glasses, high oxygen contents stabilize a metastable NiTi2-type phase (big cube 

phase) [277, 286, 287] or oxides [288] and, with it, deteriorate critical casting thickness [283-

285]. The precipitation of big cube crystals or oxides is accompanied by a significant reduction 

of the plastic strain [283, 284, 288]. The oxygen content in the present SLM samples (920 ± 20 

ppm) is sufficiently high to favour formation of the big cube phase. However, it only 

precipitates when the energy input during processing is above 15 J/mm3 [220]. This is higher 

than in the present experiments (EV = 13.7 J/mm3) and neither the XRD patterns (Fig. 3.15 (a)) 

nor the enthalpies of crystallization suggest the presence of any crystalline phase. Recent 

research provides another explanation for the observed oxygen embrittlement in metallic 

glasses. Completely dissolved oxygen has been found to drastically reduce the fracture 

toughness of a Zr-based bulk metallic glass [230, 282]. It has been hypothesized that oxygen 

alters the short- and medium-range order and thereby renders shear transformations, which 

constitute the early stage of shear banding [49], energetically more unfavourable [230]. In a Cu-

Hf-Al bulk metallic glass, in contrast, dissolved oxygen is claimed to only have a marginal 

effect on the toughness of the glass [281]. In any case, various publications [230, 275, 289, 290] 

suggest that at or around the oxygen content of interest (920 ± 20 ppm), Zr-based bulk metallic 

glasses still exhibit a significant plastic strain on compressive loading. Hence, it seems unlikely 

that oxygen is responsible for the early failure of the present additively manufactured 

Zr52.5Cu17.9Ni14.6Al10Ti5 samples observed during the compression tests. A more detailed study, 
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however, would be required to clarify this point. It is notable that the serrated flows of SLM 

sample and as-cast sample are different in Fig. 3.17 (a). As discussed in section 1.2.3, by 

analysing the serrated flow the details of deformation mechanism can be revealed. The 

differences for the serrated flows will be discussed in section 3.2.4. 

 

Figure 3.17: (a) True stress-strain curves of Zr52.5Cu17.9Ni14.6Al10Ti5 samples prepared by 

casting and SLM. Three samples of each manufacturing technique were selected to show the 

reproducibility of the compression test. All SLM samples yield at stresses lower than the as-

cast material and exhibit a smaller plastic strain. (b) Fracture surfaces of the rod samples 

fabricated via SLM. The fracture angle is about 45° (inset). The morphology of fracture surfaces 

reveals interlaced fracture planes. (c) Magnified section of the fracture surface shown in (b). 

The morphology around the pore differs from the remaining fracture surface. (d) Enlarged 

section in (c) shows that typical vein-like patterns are found in pore-free regions. 

 

3.2.3.2 Microhardness and structural relaxation 

As outlined in section 1.2.2, structural heterogeneities are important to the plasticity of 

BMGs. In order to study the macroscopic structural homogeneity of the SLM samples and the 

influence of the processing method on the mechanical properties, microhardness measurements 

were performed on both SLM and as-cast Zr52.5Cu17.9Ni14.6Al10Ti5 samples. Fig. 3.18 displays 

the respective microhardness maps of the cross and longitudinal section for SLM and as-cast 
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samples. As shown in Fig. 2.5 (section 2.2.8), the indents were created in the central part of the 

samples, where the laser works steadily in case of the SLM samples and where the cooling rate 

does not have a gradient in case of the as-cast samples. All the microhardness maps in Fig. 3.18 

show rather uniform values ranging from 496 ± 6 HV0.2 to 524 ± 6 HV0.2. When comparing 

the cross-section and the longitudinal section of the SLM sample (Figs. 3.18 (a) and (b)), one 

finds that the hardness values are quite homogeneous across the entire sample. The 

microhardness measurements do not reveal any features, which could correspond to the heat-

affected zone or the margins of a melt track [229, 245]. Since no obvious differences in the 

hardness maps of the as-cast and SLM samples are present (Figs. 3.18 (c) and (d)), the layer by 

layer processing inherent in selective laser melting does not seem to significantly relax or 

rejuvenate the structure (section 1.1), which would otherwise result in higher or lower hardness 

values. It should be stressed here that the distance between indents is around 100 µm. Thus, the 

present results only reflect the macroscopic homogeneity/heterogeneity of the SLM samples. 

This study is complemented and extended by exploring the structure on a more local scale by 

nanoindentation. The results are discussed in the following section. 

 

Figure 3.18: (a) and (c) depict the microhardness contour maps for the cross section of SLM 

and the as-cast sample, respectively. (b) and (d) display the microhardness maps for the 

longitudinal section of SLM and as-cast BMGs, respectively. 
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As mentioned above, the SLM samples show yield strengths comparable to the as-cast 

samples. However, the deformation mechanisms, which might provide conclusions related to 

the premature fracture of SLM samples, need to be clarified.  

Previous works have attributed premature failure either to inherent porosity, crystallization 

in heat-affected zone (HAZ) or structural relaxation caused by layer-by-layer process method 

[128, 220, 222]. The question now arises: How homogeneous are the SLM samples on the 

microscale? Intimately connected with this point is structural relaxation of the glass, which may 

occur during manufacturing. 

According to the microstructural analysis and the thermal data shown in Fig. 3.15 (section 

3.2.2), the SLM samples are fully amorphous. Therefore, structural heterogeneity caused by 

crystallization can be ruled out. In order to further investigate the homogeneity on the 

microscale, nanoindentation which can indirectly detect the structural differences [270], and a 

systematic investigation of the relaxation enthalpies was conducted. Therefore, the relaxation 

enthalpies were analysed (Fig. 3.19). A section of the full DSC trace, which reveals the 

structural relaxation of the as-cast and SLM samples just below the glass-transition temperature, 

was selected. The relaxation enthalpies of the SLM samples range between ΔHrelax = 9.42 J/g 

and ΔHrelax = 11.38 J/g, whereas the as-cast samples display distinctly lower values (ΔHrelax = 

3.16 J/g - 4.93 J/g).  As in the case of the Ti-based glass (section 3.1.3.2), one can speculate that 

the durations of the cyclic temperature increases during SLM are too short [128] to cause 

pronounced relaxation and, therefore, the enthalpy of relaxation remains larger than for the as-

cast glass. In order to reveal the thermal history of SLM, the relaxation enthalpies as a function 

of sample height will be discussed in section 3.3. 
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Figure 3.19: DSC curves of as-cast and SLM samples show exothermic structural relaxation. 

The relaxation enthalpies of SLM samples are larger than for the as-cast samples, indicating a 

less structurally relaxed state. 

 

3.2.3.3 Nanoindentation 

As revealed in section 3.2.3.2, the SLM samples appear macroscopically homogeneous. 

Nonetheless, the SLM process might lead to a non-uniform distribution of free volume or 

likewise atomic strains (see section 3.1.3.3). The DSC data (section 3.2.3.2), yet, do not provide 

any information on whether or not the highly localized, sequential energy input upon SLM. As 

discussed in section 3.1.3.3, nanoindentation appears to be a suitable tool to detect structural 

heterogeneities in additively manufactured BMGs.  
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Figure 3.20: Hardness contour maps of the cross section (upper) and longitudinal section (down) 

of SLM and as-cast Zr52.5Cu17.9Ni14.6Al10Ti5 samples based on the indents revealed as black dots, 

respectively. The SLM sample is produced with the layer thickness of 40 µm and the hatch 

distance of 200 µm. 

 

    The cross-sectional nanohardness map of the additively manufactured 

Zr52.5Cu17.9Ni14.6Al10Ti5 BMG (Fig. 3.20 (a), top) yields values ranging from 5.8 to 6.2 GPa. 

The hardness distribution of the longitudinal section has values ranging from 6.4 to 7.0 GPa, as 

the corresponding map demonstrated (Fig. 3.20 (a), bottom). Both cross and longitudinal 

sections of as-cast sample have the similar hardness values ranging from 6.5 to 7.1 GPa. The 

larger relaxation enthalpy of the SLM samples (see Fig. 3.19) is in accord with the lower 

hardness value for SLM sample shown in the hardness maps. The longitudinal maps suggest a 

layer-type arrangement of the hardness values. This could be indeed the case for the SLM 

sample because the building direction is aligned with the z-axis (Fig. 3.20). For the as-cast 

sample, in contrast, such a layer-like distribution of hardness values does not seem probable. 
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Instead, the interpolation of the hardness values might be the origin of this phenomenon since 

the horizontal distance between indents (100 µm) is larger than their vertical spacing (20 µm). 

Both probed longitudinal sections are larger than the typical HAZ in metallic alloys  [128, 217] 

and also significantly larger than the melt track dimensions in the present experiments (width 

about 250 µm). Due to absence of a conventional microstructure, the melt track depth cannot 

be extracted from microscopy but is expected to be in the range of 60 µm to 100 µm [128, 217]. 

Nevertheless, no obvious heat-affected zones with significant gradients in hardness 

(corresponding to more or less relaxed states) are visible within the spatial resolution of the 

present maps (Fig. 3.20 (a)). This contrasts recent results on a similar Zr-based BMG obtained 

by selective laser melting [245]. Interestingly, compared to the cross-section, the longitudinal 

section is overall harder, a behaviour, which could not be found in the Ti-based glass (section 

3.1.3.3). One speculation is that different processing parameters and thermal physical properties 

induced different relaxation behaviours in two systems, leading to such differences. More 

details will be discussed in section 3.3.    

 

Figure 3.21: Weibull plot of the hardness values shown in Fig. 3.20. (a)Additive manufactured 

and (b) as-cast Zr52.5Cu17.9Ni14.6Al10Ti5 samples. The Weibull modulus, m, is derived from the 

slope of the linear regression curve of ln[-ln(1-f)] over ln(H), marked by the dashed lines. 

 

    Again, the distribution of the nanohardness was analysed and a Weibull plot was created (Fig. 

3.21). The Weibull modulus extracted for the cross section of Zr52.5Cu17.9Ni14.6Al10Ti5 SLM 

sample (m = 60.05 ± 0.95) is slightly higher than for the longitudinal section (m = 57.30 ± 0.95). 

This indicates a more heterogeneous structure of the longitudinal section for the SLM sample. 

The as-cast sample also shows a steeper slope for the cross section than for the longitudinal 

section. The Weibull modulus of cross section (m = 81.85 ± 0.95) is higher than that of 

longitudinal section (m = 74.65 ± 0.96). Even though the hardness maps do not allow for the 

identification of a typical HAZ, the Weibull modulus of as-cast sample is higher than that of 
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SLM sample in both cross and longitudinal sections. In other words, the structure of BMGs 

fabricated by SLM is less uniform resulting in larger scattering of the nanohardness values [291]. 

As discussed in section 1.2.3, the structural heterogeneities can affect shear band generation 

and propagation. Even though the observed heterogeneities (Fig. 3.20) in SLM sample are not 

extremely pronounced, they might account for the different serrated flows of SLM and as-cast 

samples. More information about the serrations will be discussed in section 3.2.4.  

3.2.4 Shear band dynamics and shear band propagation 

Next to the lower plastic strain of the SLM samples, another characteristic becomes apparent 

from the stress-strain curves of Fig. 3.17 (a): the serrated flow behaviour is clearly different 

between the as-cast and the additively manufactured glass. As outlined in section 1.2.3, serrated 

flow reflects the shear band propagation in metallic glasses and its stick-slip characteristics [49, 

108, 111]. Statistical analysis of these serrations provides valuable information regarding the 

shear band dynamics [108, 112]. Thus, the shear banding behaviour is illuminated in the 

following paragraphs. 

Fig 3.22 shows an enlarged section of the plastic flow regime of the stress-strain curves 

displayed in Fig. 3.17 (a). Fewer but much larger stress drops occur within a given time interval 

(strain interval) in the as-cast sample than in the SLM sample (Fig. 3.22 (a)), suggesting that 

the processing method significantly affects the shear band dynamics. In order to better 

understand the difference between the two structural states, a statistical analysis of the serrations 

was carried out. The stress drop magnitude was normalized following the routine of Sun et al. 

[108] (see section 1.2.3). The resulting normalized stress drop magnitude, s, (Fig. 3.17 (b)) was 

calculated in the stable plastic flow regime. Fig. 3.22 (b) highlights the difference in the stress 

drop magnitudes and their frequencies for the as-cast and additively manufactured samples. The 

stress drop magnitude is rather uniform for the SLM samples and s remains below a value of 

2.5 MPa. In contrast, the stress drop magnitudes scatter much more in the case of the as-cast 

sample and values of up to 27 MPa are observed. This is summarized in the according 

histograms of s (Figs. 3.22 (c) and (d)). Since the stress drop magnitude is an indicator for shear 

band stability, shear banding should be more stable in the SLM sample [110]. Because of the 

same strain regime compared here, many more serration events must occur in the SLM samples 

to accommodate the imposed plastic strain (Fig. 3.22 (a)). The distribution of s provides 

information on the shear banding process, which can range from chaotic to self-organized 

critical [108, 110]. If plastic deformation of BMGs is dominated by the propagation of a major 

shear band, then serrated flow will be chaotic and the corresponding distribution of s has a 

Gaussian-type shape [108, 110]. BMGs with a chaotic serrated flow behaviour generally show 
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very limited plastic deformability [108]. When plastic deformation is borne by multiple shear 

bands, as in malleable BMGs, the cumulative probability distribution of s, P(s), can be 

approximated by a power law coupled with an exponential decay function [108, 110, 292]: 
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      (3.1) 

where β is the scaling exponent and sc is the cut-off stress drop, which indicates up to which 

value of s, the power law is valid. In such plastically deformable (malleable) metallic glasses, 

serrated flow is in a self-organized critical state, which means that shear bands are highly 

correlated and that the serration magnitude does not have an intrinsic size [108, 110]. Also other 

complex dynamic processes, such as earthquakes [293] or dislocation avalanches [292] are 

subjected to self-organized criticality. In order to examine if flow is a self-organized critical 

phenomenon in the present glasses, the cumulative probability distributions were calculated 

(Figs. 3.22 (e) and (f)) and fit by equation (3.1).  
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Figure 3.22: (a) An enlarged view of the serrated region in stress-strain curve shown in Fig. 

3.17 (a). (b) The normalized stress drop magnitude, s, is given as a function of time. The stress 

drops in the SLM sample are much smaller than the as-cast one. The histograms of the 

normalized stress drop magnitude for (c) the as-cast sample and (d) the SLM sample. Please 

note the different ranges for s. The cumulative probability density for the as-cast (R = 0.995) 

and the SLM (R = 0.994) sample are depicted in (e) and (f), respectively. Equation (3.1) (solid 

line) describes the data well.  

 

Indeed, the probability of a normalized stress drop magnitude, s, to occur in both the as-cast 

and the SLM samples can be properly captured by equation (3.1). We now want to briefly 
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discuss the fitting parameters β and sc, which characterize the dynamics of shear banding [294]. 

Both are in the range reported for BMGs of comparable compositions [108, 110] but caution 

should be exercised when directly comparing the values because the sample dimensions, sample 

alignment and the machine stiffness strongly affect plasticity and serrated flow [108, 110]. It 

has been demonstrated that β decreases with an increase in plasticity banding  [294], a trend 

also observed here (Figs. 3.22 (e) and (f)). In contrast, sc, is significantly smaller in the SLM 

sample than in the as-cast glass (Figs. 3.22 (e) and (f)). A smaller cut-off value has been 

associated with a reduced shear avalanche size because more shear bands accommodate the 

imposed shear [294]. This distributes the strain more homogeneously and also holds here. 

Therefore, the shear band dynamics differ in the differently prepared glasses. 

To facilitate visualization of the shear bands, a rectangular SLM sample was produced and 

one side was polished prior to uniaxial compression. Afterwards, the polished lateral surfaces 

of the cuboid-like specimens after fracture were examined in a SEM to gain insights regarding 

the macroscopic propagation of shear bands. Fig. 3.23 (a) depicts the true stress-strain curve of 

the rectangular SLM sample in compression. It yields at 1420 ± 20 MPa and fractures at 1540 

± 10 MPa both of which is lower than what is measured for the cylindrical SLM rods. Since the 

µ-CT reconstruction (inset to Fig. 3.23 (a)) shows a similar defect size distribution as the 

cylindrical specimen and both specimens are fully amorphous, stress concentrations arising at 

the edges could be the cause for the lower strength and the reduced plastic deformability [295]. 

The rectangular SLM sample fractures at an angle of about 45° (Fig. 3.23 (a), inset), i.e. along 

the plane of maximum shear stress [296]. The fracture surfaces of the rectangular SLM sample 

show multiple interlaced planes and vein-like patterns similar to the cylindrical SLM samples 

(Fig. 3.23 (b)). As discussed above, one might expect “interfaces” (about 40 µm thick, Fig. 3.23 

(c)) between the regions with different thermal history (c.f. heat-affected zone) [207]. One could 

conjecture that such structural heterogeneities affect the propagation and orientation of shear 

bands since both are very sensitive to structural heterogeneities [70, 297]. However, in Fig. 3.23 

(c) only straight shear bands can be observed, and they form an angle of 45° with respect to the 

loading direction.  

During the activation of shear transformation zones (STZs) ahead of the shear band tip, 

antisymmetric stress-fields (vortices) evolve and they are transferred to adjacent non-activated 

STZs (see section 1.2.2) [55]. Both processes are very susceptible to the presence of structural 

heterogeneities even when the structure remains amorphous. More precisely, such 

heterogeneities in the amorphous state can be fluctuations in the local packing density or 

composition [70, 298, 299]. From this perspective, it is somewhat remarkable, that the shear 
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bands propagate in a straight manner and are not affected by the layerwise processing, since 

this is a strong implication for the fact that the SLM samples are homogeneous even beyond the 

atomic level.  

Fig. 3.23 (d) depicts multiple shear bands, which interact with each other and with pores. At 

a higher magnification, the interaction between the pores and shear bands becomes more 

obvious: The shear bands either transect the pores, a process, which is accompanied by a small 

displacement of the shear band (Fig. 3.23 (e)). Alternatively, major shear bands terminate near 

a pore (Fig. 3.23 (f)) while multiple horizontal shear bands are generated around the pore. Even 

without a major shear band in its vicinity, pores clearly act as initiation sites for shear bands 

(Fig. 3.23 (g)) [64]. The altered stress state around the pore [64, 66] apparently affects shear 

band initiation as well as propagation, similar as it is known for other second phases being 

embedded in a metallic glass [107]. These findings help to explain the apparent differences in 

the serrated flow. At the initial stage of plastic deformation, the pores lead to a higher density 

of shear bands, each having a smaller shear offset. Consequently, shear banding is more stable 

and the stress drops, s, are smaller for the SLM sample than for the as-cast glass. Two aspects, 

however, remain intriguing and shall be briefly discussed below: (i) Why do the SLM samples 

fail at comparatively low stresses/strains and (ii) why are the shear bands macroscopically 

straight? 
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Figure 3.23: (a) True stress-strain curve of a rectangular SLM sample corroborates its plastic 

deformability. The insets depict the fracture angle of about 45° and the corresponding µ-CT 

reconstruction. (b) Fracture surfaces of the rectangular samples prepared via SLM. The 

morphology of fracture surfaces reveals interlaced fracture planes. There exist vein-like 

patterns. (c) A straight shear band observed on the lateral surface of fractured SLM cuboid 

sample. (d) SEM image depicts multiple shear bands interacting with each other and with pores. 

The regions of interest (encircled) are shown at higher magnification in (e) and (f). (g) Shear 

band initiation at a pore for a sample loaded until plastic deformation, as indicated in (a). 

 

The distribution of pore sizes (Fig. 3.16 and 3.23 (a)) indicates that there are a few 

exceptionally large pores present and the µ-CT reconstruction implies that some of the pores 

have an irregular shape. These large pores possibly having sharp edges concentrate the stresses 

during loading and might, thus, be responsible for early failure [49, 280]. This phenomenon 

cannot be counterbalanced by the altered stress state and the more uniform shear band 
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generation around the smaller pores. Simultaneously, the fracture stress must be lower for the 

SLM samples than for the as-cast samples because of their lower relative density. 

In conclusion, shear banding appears to be more stable in the SLM samples and the structural 

heterogeneity probed by nanoindentation as well as the uniform distribution of pores can 

account for this observation. Especially the pores alter the stress state, which entails a more 

uniform generation of shear bands. In spite of the overall higher amount of free volume and the 

structural heterogeneity of the SLM samples, they tend to fail earlier than the as-cast material. 

Most likely, the presence of few but relatively large pores accounts for the reduced damage 

tolerance. 

3.2.5 Tribological and corrosion properties 

Since SLM generally yields much higher cooling rates than copper mould casting (103 - 108 

K/s) [198], one can anticipate differences in the wear behaviour (see section 1.2.4) [123]. In 

addition, the presence of µm-scale pores in the SLM samples might also play an important role. 

Yet, data on these aspects are still scarce [222] and the detailed mechanism has not been 

elucidated. 

The sliding wear experiments were conducted to explore, whether the manufacturing process 

affects the wear behaviour and the wear mechanisms. The coefficient of friction as a function 

of time for an as-cast specimen, is shown in Figs. 3.24 (a) and (b). The coefficient of friction 

reaches a steady state with a value of about 0.4 within the first 35 minutes of testing. Between 

35 and 120 minutes, the coefficient increases, as does its scatter. This is indicative of a 

transformation in the wear mode [300]. The worn surfaces of the as-cast 

Zr52.5Cu17.9Ni14.6Al10Ti5 glass after different sliding times are shown in Figs. 3.24 (c) to (f). Only 

slim grooves are visible (Fig. 3.24 (c)) and their evolution indicates a distinct abrasive 

mechanism at the early stage of wear. With increasing sliding time, some fine debris forms (Fig. 

3.24 (d)), and more material is ploughed out of the surface. This coincides with the drastic 

increase in the scattering of the coefficient of friction (Figs. 3.24 (a) and (b)) and suggests a 

transition in the wear mode. Plastically deformed grooves and adhering debris can be observed 

at later stages of wear (Figs. 3.24 (e) and (f)). The resulting typical mixed worn morphology 

indicates an abrasive and adhesive wear mechanism [126, 300]. 
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Figure 3.24: (a) and (b) depict the coefficient of friction as a function of sliding time for the as-

cast Zr52.5Cu17.9Ni14.6Al10Ti5 sample. Its variation, suggests a change in the wear mode. (c) to 

(f) show the morphologies of the worn surfaces after 30, 60, 120, 480 min of sliding. Grooves 

and debris can be clearly seen after the first 60 min (shown in (c) and (d)). In (e) and (f), 

plastically deformed regions dominate the surface. 

 

The coefficient of friction and the surfaces of the SLM samples at different stages of wear 

testing are illustrated in Fig. 3.25. The coefficient of friction (Figs. 3.25 (a) and (b)) shows a 

similar trend like for the as-cast specimen. Again, a change in the wear mode occurs after 35 

minutes when the initial steady state ends. However, the fluctuations in the coefficient of 

friction after 80 minutes are more pronounced than for the as-cast sample and the maximum 

values are distinctly higher than for the as-cast glass. As long as the wear mode is purely 

abrasive (within the first 60 minutes), the worn surfaces of the SLM sample (Figs. 3.25 (c) and 

(d)) cannot be distinguished from the as-cast sample. More but smaller regions of plastically 
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deformed material are found at the later stages of wear ((Figs. 3.25 (e) and (f)). The wear mode 

in metallic glasses has been reported to transform to the “brittle and ductile” mixed stage at the 

later stages of wear (see section 1.2.4) [120]. This is expected to lead to the coexistence of softer 

and harder regions in the glass [120], which can reflect in a larger fluctuation of the coefficient 

of friction [120]. It is noteworthy that the scattering of the coefficient of friction is more 

pronounced for the SLM sample than for the as-cast material. This could be either related to the 

higher degree of porosity or to intrinsic structural heterogeneities on small length scales (see 

Fig. 3.20).  

 

Figure 3.25: (a) and (b) display the coefficient of friction for the Zr52.5Cu17.9Ni14.6Al10Ti5 sample 

produced by SLM. A similar trend as in Fig.6 (a) and (b) becomes obvious. (c) to (f) show the 

SEM images of the worn surfaces after 30, 60, 120, 480 min of wear testing. The SLM samples 

exhibit a comparable wear performance as the as-cast samples. 
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The coefficient of friction plays an important role for determining the wear resistance. A 

smaller value generally indicates higher wear resistance [118, 120, 121, 123-128]. Fig. 3.26 (a) 

compares the average coefficient of friction for the SLM and the as-cast samples at different 

sliding times. The average coefficient increases with sliding time, also due to the varying wear 

mechanism. Even though the coefficient of friction distinctly scatters for the SLM samples, the 

average COF is slightly lower than for the as-cast sample after long testing times (i.e. 480 

minutes), indicating a slightly better wear resistance for the SLM sample. At the early and 

intermediate stages of wear, the average COF is comparable for both Zr52.5Cu17.9Ni14.6Al10Ti5 

samples (Fig. 3.26 (a)).  

The specific wear rate for a SLM and an as-cast sample is shown in Fig. 3.26 (b) and it can 

be calculated as follows: 

Kw =  
𝑉

𝐹×𝐿
                                                                       (3.2) 

where Kw is the wear rate; V is the loss volume determined by V = (mo - mw)/ ρ where mo and 

mw is the mass prior to and after testing, respectively, ρ is the density of the material; F is the 

load applied on the sample; L is the sliding distance given by L = 2πrvt, where r is the radius 

of the wear track, v is the rotating speed and t is the sliding duration [123]. The trend of the 

time-dependent specific wear rate agrees with the average COF (Fig. 3.26 (a)). Moreover, the 

wear rate for specimens prepared by the two different techniques is within the experimental 

error -at least for the early and intermediate stages of wear testing. 

 

Figure 3.26: (a) Average coefficient of friction (COF) of the Zr52.5Cu17.9Ni14.6Al10Ti5 SLM and 

as-cast samples dependent on time. The COF-values for samples prepared by both process 

conditions are similar except for the longest testing duration. (b) The specific wear rate of the 

SLM and as-cast specimen. The wear rate is in high agreement with the average COF (shown 

in (a)). 

As outlined above, the wear behaviour of additively manufactured BMGs is comparable with 

the as-cast ones, indicating a great potential of application for BMGs produced via SLM. 
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Another crucial point in terms of potential applications is the corrosion behaviour of BMGs 

produced by SLM. As outlined in section 1.3, the chemically homogeneous nature of a single-

phase glassy state is another reason for the enhanced corrosion resistance [134, 301, 302]. The 

powder used for additive manufacturing might suffer from chemical heterogeneities and the 

SLM process imposes completely different solidification conditions on the metallic melt (see 

sections 3.1.1 and 3.1.2). They could even promote chemical heterogeneities and structural 

heterogeneities (e.g. crystalline precipitates) (section 3.1.2). Moreover, the oxygen uptake 

during SLM process (around 430 ppm) also may influence the corrosion resistance of the SLM 

sample [303]. Finally, uniformly dispersed pores are present after selective laser melting and 

all these factors are expected to leave their traces in the corrosion behaviour. 

Fig. 3.27 shows the anodic polarization curves of selected additively manufactured and as-

cast Zr52.5Cu17.9Al10Ni14.6Ti5 glasses recorded in 0.01 M Na2SO4 + 0.1 M NaCl solution. Please 

note that the presented curves were selected as one representative from 5-7 independent 

measurements for each material state. The repeatability of the characteristic potential values is 

intrinsically limited. To account for the experimental error, the typical scattering of corrosion 

potential (ΔEcorr), pitting potential（ΔEpit）and repassivation potential (ΔER) are indicated in 

the plot. While ΔEcorr must be mainly ascribed to the individual history of each prepared sample 

surface, ΔEpit and ΔER may be indicative for the manufacturing-related pitting susceptibility and 

repassivation ability of the different sample types [274]. 

The air-aged as-cast sample states reveal very low corrosion current densities, icorr 

(determined by graphical Tafel extrapolation methods) on the order of 0.005 µA/cm² at Ecorr 

values ranging from -0.23 to -0.35 V vs. SCE upon initial polarization [304]. This results from 

the beginning oxide formation during air exposure and immersion in the electrolyte under OCP 

conditions. The current density increases gradually up to 2 µA/cm² during anodic polarization. 

Consequently, the corrosive dissolution is rather low and it is superimposed by the anodic 

growth of passive films with a strong barrier-type effect [137, 274]. A sudden steep rise of the 

anodic current density at Epit is due to local passive film breakdown, pit initiation and rapid pit 

growth [137]. A significant overshoot of the real current density above the current density limit 

of 1 mA/cm², which was set as threshold value to reverse the polarization direction for surface 

repassivation, as well as a very wide potential range in the reverse scan with a quite high current 

density correspond to a very pronounced pit propagation into the glassy matrix and a very 

limited surface healing ability. Since the reverse scanning of the potential reduces the driving 

force for anodic dissolution, the current density drops and a second minimum at ER occurs 

reflecting repassivation of the previously damaged surface. The underlying surface reaction 
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mechanisms were in detail described in previous works [130, 133, 135-137]. As the local 

breakdown of the very thin passive film on the sample surface (= excavated sample cross 

section) is a more or less random event, which mainly depends on the number, distribution and 

nature of defects in the BMG, the Epit-value strongly varies in independent measurements of 

different as-cast samples and results in a rather large ΔEpit. By contrast, the following strong 

current density hysteresis and the subsequent minimum at ER show a much better repeatability. 

Once the sensitive pit initiation took place, the following pit growth and repassivation steps 

proceed at quite similar rates for all cast sample states of the considered alloy. 

The polarization curves of the samples prepared by SLM reveal quite a similar overall 

behaviour with characteristic steps described above for the as-cast BMG samples. However, the 

variation of the pitting potential, ΔEpit, is less pronounced reflecting a narrower potential range 

of passive film breakdown and pit initiation. Furthermore, the current density overshoot above 

the set limit is much smaller and during reverse scanning the current density plateau is lower 

and the minimum of ER is reached at more positive potentials. These facts indicate a somewhat 

less pronounced pit propagation rate and easier surface repassivation [133, 137, 274]. 

Altogether, this indicates a slightly reduced pitting corrosion susceptibility and slightly 

improved surface healing ability for BMGs prepared by SLM. The result is similar with that 

obtained in the Ti-based BMG (section 3.1.4). As in the case of the Ti-based BMG, this could 

be related to a better chemical homogeneity in comparison to as-cast BMGs of the same 

composition. Yet, these differences appear to be rather subtle and it is challenging to try to 

identify those by conventional chemical analysis or electron microscopy. 
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Figure 3.27: Anodic polarization curves recorded for Zr52.5Cu17.9Ni14.6Al10Ti5 SLM and as-cast 

samples in 0.01 M Na2SO4 + 0.1 M NaCl solution. Corrosion potential (ΔEcorr), pitting potential 

（ΔEpit） and repassivation potential (ΔER) bars represent the scattering of the values within 5 

- 7 repeated measurements. Both samples show similar corrosion behaviour. The SLM sample 

performs slightly better than the as-cast sample during pitting corrosion. 

 

After the corrosion tests, the surfaces were investigated in a scanning electron microscope to 

better understand the degradation phenomena. Fig. 3.28 shows the surface morphologies of 

damaged cross-sectional regions of an as-cast (Fig. 3.28 (a)) and an additively manufactured 

BMG sample (Fig. 3.28 (b)), respectively. The principal damage morphology is for both sample 

types similar and points to similar local corrosion processes, which are well described for this 

glassy alloy type synthesized by casting (see section 1.3) [135]. In case of the as-cast material, 

three individual pits with diameters between 30 - 50 µm having irregular edges and rather rough 

walls are shown in Fig. 3.28 (a). The size of a pit on a SLM sample cross section, in contrast, 

reaches dimensions of about 200 µm (Fig. 3.28 (b)). One can also detect small cracks and 

openings, which are similar to features observed for the corroded as-cast sample. The pit walls 

of the SLM sample show “honeycomb micromesh”-like regions, which is typical after 

repassivation [133]. The openings in the bottom of both sample types indicate that strong local 

dissolution occurs deep below the cross-sectional surface. The cavity morphology of the 

damages can catalyze the corrosion process since it can provide a shortcut for the electrolyte 

and thus, enable local enrichment of chloride ions and acidification.  
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Figure 3.28: Surface morphologies of Zr52.5Cu17.9Ni14.6Al10Ti5 as-cast sample (a) and SLM 

sample (b) after repassivation. Pits formed during linear anodic polarization to pitting potential 

(Epit) and reverse scanning to repassivation potential (ER). The as-cast sample has more but 

smaller pitted regions than the SLM sample. Both samples show rough pit walls.  

 

    From these very first tests comparing the corrosion behaviour of SLM vs. as-cast glassy 

samples in a selected electrolyte one may assume, that the structural defects typically occurring 

in as-cast samples are more detrimental for the corrosion stability than the pore-type defects, 

which are characteristic of SLM samples. While the former represent chemical discontinuities 

with sharp phase boundaries to the glassy matrix, the latter are geometrical discontinuities 

yielding a lower driving force for the chloride attack resulting in pit initiation and propagation. 

This can be regarded similar to findings from earlier studies, i.e. that mechanically induced 

defects such as microindents have to exceed a certain critical size to become preferred pit 

initiation sites rather than crystalline defects occurring at the same glassy sample cross-section 

[32]. However, besides their nature also the number and distribution of defects throughout the 

sample volume is decisive.  

In the light of this, additional investigations are needed to clarify the impact of the 

manufacturing route on the corrosion mechanism and the overall corrosion properties for glassy 

alloys.  

3.3 Structural heterogeneities of BMGs produced by SLM 

Sections 3.1 and 3.2 cover the parameter optimization and the observed mechanical and 

chemical properties of a Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 and a Zr52.5Cu17.9Ni14.6Al10Ti5 glass 

produced by selective laser melting. One central point in the respective discussions was the 

structural heterogeneity, which results from the SLM process and the inherent complex thermal 

history itself. It is, therefore, of avail to look into the structural heterogeneity in more detail and 

to directly compare both alloys. A striking difference between the additively manufactured Ti-

based and the additively manufactured Zr-based glass is the apparent difference in the 



CHAPTER 3 Selective laser melting of glass-forming alloys 

88 

 

nanohardness values measured at the cross and longitudinal sections (cf. Figs. 3.11 and 3.20). 

There might be a distinct influence of the alloy composition on the local structure of the glass 

after selective laser melting. To explore this possibility, finite volume modelling was applied to 

calculate the heat flow and temperature distribution during the SLM process. 

In the first step, however, we compare the X-ray diffractions patterns of the as-cast glasses 

with the corresponding SLM samples. Fig. 3.29 displays the representative diffraction patterns 

of the SLM and as-cast samples for both alloys. Only broad scattering maxima can be observed 

characteristic of disordered systems, revealing nearly fully amorphous structures of the samples.  

 

Figure 3.29: X-ray diffraction patterns of the Zr52.5Cu17.9Ni14.6Al10Ti5 and 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 SLM and as-cast samples. All samples only show a major broad 

diffraction maximum, indicating a nearly full-amorphous structure. 

 

In the next step, in order to reveal the structural relaxation imparted during SLM processing, 

DSC was carried out for various specimens taken from the SLM sample along its cylindrical 

axis, i.e. along the building direction (Fig. 2.4). Magnified sections of the corresponding curves 

demonstrate the exothermic relaxation occurs between 450 K and 675 K (Figs. 3.30 (a) and (b)). 

All SLM samples show larger relaxation enthalpies than the as-cast samples, indicating that 

higher cooling rates are effective during SLM, since more free volume is trapped in the SLM 

sample as they vitrify [266] and literature corroborates this finding [198].  



CHAPTER 3 Selective laser melting of glass-forming alloys 

89 

 

 

Figure 3.30: Sections of the DSC curves for (a) Zr52.5Cu17.9Ni14.6Al10Ti5, (b) 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 SLM and as-cast samples magnify the exothermic structural 

relaxation.  

 

    The relaxation enthalpies for all DSC specimens taken from the additively manufactured rods 

along their cylindrical axis are presented in Table 3.4. The relaxation enthalpies within the 

Zr52.5Cu17.9Ni14.6Al10Ti5 SLM sample range between ΔHrelax = 3.31 J/g and 11.37 J/g and the 

corresponding values for Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 SLM samples range between ΔHrelax = 

4.91 J/g and 12.15 J/g. One could speculate that the relaxation enthalpies increase from bottom 

to top of the SLM sample: The bottom part of the sample is built first and subsequently annealed 

for the longest duration owing to the heat input coming from subsequently processed layers (see 

section 1.4.2). Yet, as shown in Fig. 3.31, no obvious trend along the sample height (i.e. no 

effect of building duration) can be observed for both alloys. It seems that the temperature rise 

in the SLM samples is not sufficient or too short in order to allow for substantial structural 

relaxation. Therefore, no special caution has to be exercised when choosing samples for the 

evaluation of structural relaxation. 
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Table 3.4 Relaxation enthalpies of additively manufactured Zr52.5Cu17.9Ni14.6Al10Ti5 and 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 samples. Samples for DSC measurements were taken along the 

building direction (bottom to top). Three rods for each composition were measured. It is notable 

that positions (1 - 5) represent the same height in each rod. 

Relaxation enthalpy ΔHrelax (J/g) 

Bottom to Top Pos. 1 Pos. 2 Pos. 3 Pos. 4 Pos. 5 

Zr-based S1 3.31 9.42 11.37 10.71 4.03 

Zr-based S2 9.86 7.85 4.74 6.34 4.42 

Zr-based S3 4.77 8.28 5.56 3.48 9.48 

Ti-based S1 8.78 7.19 9.22 10.29 10.36 

Ti-based S2 6.32 7.29 8.26 6.80 5.35 

Ti-based S3 9.72 5.83 4.91 12.15 9.72 

 

 

Figure 3.31: The relaxation enthalpies taken from the (a) Zr52.5Cu17.9Ni14.6Al10Ti5, (b) 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 SLM samples are normalized by using the relaxation enthalpy of 

the corresponding as-cast sample, to compare both alloys. No clear correlation between 

relaxation enthalpy and sample position can be observed.  

 

As already discussed above, nanoindentation was performed on the cross and longitudinal 

sections of both BMGs produced by selective laser melting. In order to clearly compare the 

results for the Zr52.5Cu17.9Ni14.6Al10Ti5 and Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 glass, the results in Figs. 

3.11 and 3.20 were concluded in Fig. 3.32. As shown in Fig. 3.32 (b), in contrast to the 

Zr52.5Cu17.9Ni14.6Al10Ti5, in the nanoindentation maps of the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 

sample, both sections show similar hardness values, indicating a clearly more heterogeneous 

structure.  
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Figure 3.32: Hardness contour maps of cross sections (upper) and longitudinal sections (down) 

of the Zr52.5Cu17.9Ni14.6Al10Ti5 (a) and Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 (b) additively manufactured 

samples. The Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 specimen produced via SLM shows a more 

heterogeneous structure. 

    

    One would expect the hardness values of the longitudinal map (along the building direction) 

to be even more heterogeneously distributed, owing to the layer-by-layer processing involving 

the evolution of the heat affected zone (HAZ). Therefore, a statistical analysis was used to show 

the heterogeneity in the samples. As shown in Figs. 3.33 (a) and (b), both longitudinal and cross 

section are relatively more heterogeneous for the Ti-based glass than for the Zr-based glass. 

The cross-section of the additively manufactured Zr-based BMG is more homogeneous, 

whereas its longitudinal section is relatively nonuniform. The different extents of homogeneity 

for these two additively manufactured BMGs might be attributed to the different thermal 

histories during SLM processing. Thus, in the following we elaborate on the spherical and 

temporal extent of the HAZ in both additively manufactured BMGs utilizing thermal field 

simulations. 
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Figure 3.33: Weibull plot of the hardness values shown in Fig. 3.32 for additively manufactured 

(a) Zr52.5Cu17.9Ni14.6Al10Ti5 and (b) Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 samples. The Weibull modulus, 

m, is derived from the slope of the linear regression curve of ln[-ln(1-f)] over ln(H), marked by 

the dashed lines.  

     

    A volumetric heat source was employed and the boundary condition of the top surface is 

defined by [249]:  
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where A is the laser absorptivity of powder system, which is set as 0.5. The thermal conductivity, 

specific heat capacity, density, and viscosity of the system were considered as temperature-

dependent. Other thermophysical properties were regarded constant in order to simplify the 

simulations. Considering the initial porosity of the powder, the effective thermal conductivity 

of the powder system can be expressed by [249]: 
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where κg is the thermal conductivity of the ambient gas (W m−1 K−1), κs is the thermal 

conductivity of the solid (W m−1 K−1), and the radiative heat transfer among powder particles 

κr can be defined by [249]: 

                                           P

3

Pe0r 4 DTσFκ =                                                                                                 (3.5) 

where F0 is the view factor which is set at 1/3 in this simulation, σe is the Stefan-Boltzmann 

constant, TP is the temperature of powders (K) and DP is the diameter of powder particles (m) 

which is set at 2 × 10-5 m. The effective thermal conductivity of the powder system, κeff, equals 
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κpowder when the working temperature is below the melting point. After scanning, κeff equals κs 

due to the transformation from powder material to bulk material.  

 

Figure 3.34: Thermophysical properties of both glass-forming alloy. The thermal conductivity 

and heat capacity are given for the (a) Zr52.5Cu17.9Ni14.6Al10Ti5 and (b) 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 alloys. 

 

    The thermophysical properties of Zr- and Ti-based BMGs are displayed in Fig. 3.34 and other 

parameters used for the present simulation are listed in Table 3.5.  It is notable that our FVM-

model only considers one single melt track. In such case, the line energy densities of the 

additively manufactured Zr-based and Ti-based BMGs are 2.74 J/mm2 and 2.16 J/mm2, 

respectively.  

Table 3.5: Parameters used in the finite volume simulation of Zr52.5Cu17.9Ni14.6Al10Ti5 and 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 samples. 

Parameters Zr52.5Cu17.9Ni14.6Al10Ti5 Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 

density 6.7 g/cm3 6.3 g/cm3 

melting point 1100 K 1116 K 

ambient temperature 300 K 300 K 

radius of laser beam 50 µm 50 µm 

laser power 109 W 67.5 W 

scanning velocity 1000 mm/s 780 mm/s 

layer thickness 40 µm 40 µm 

 

Figs. 3.35 (a) and (b) depict the temperature distribution in and around the molten pool during 

selective laser melting of Zr52.5Cu17.9Ni14.6Al10Ti5 and Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 BMGs, 

respectively. The molten pool has an asymmetrical shape during processing of both alloys in 

agreement with other simulations [249], mainly because the thermal conductivity of the 
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solidified part is higher than that of powder. The heat is transferred faster through the solidified 

region than the powder [305]. The highest temperatures reach more than 2200 K and 2000 K 

for the Zr- and the Ti-based BMG, respectively. These temperatures clearly exceed their melting 

points (see Table 3.5). The molten region during the synthesis of the selectively-laser melted 

Zr52.5Cu17.9Ni14.6Al10Ti5 glass extends to about 260 µm in width and 100 µm in thickness. 

Compared to that, the molten pool during the SLM of the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 sample 

is clearly smaller in width (170 µm) and height (70 µm). The different extents of the molten 

pool for both alloys originates from the different processing parameters, where a higher power 

and scanning velocity for the Zr-based BMG was used and also from the different 

thermophysical properties of both glass-forming alloys (see Fig. 3.35). Owing to high cooling 

rates effective during SLM, the heat from the molten pool is extracted fast through the 

previously vitrified material. This heat extraction is reflected within the thermal field 

surrounding the molten pool, readily characterized by a steep negative temperature gradient. 

This gradient is typical of the heat-affected zone (HAZ), whose dimensions in Y- and Z-

direction amounts to about 80 µm and 120 µm for the Zr52.5Cu17.9Ni14.6Al10Ti5 SLM sample, 

respectively. For the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 SLM sample, the HAZ is distinctly smaller 

and stretches about 40 µm in the Y-direction and 45 µm in the Z-direction. Unlike the 

Zr52.5Cu17.9Ni14.6Al10Ti5 BMG produced via SLM, the HAZs in the Y- and Z-direction of 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 SLM sample are similar. 

 

Figure 3.35: The side views of FVM simulated temperature field for (a) 

Zr52.5Cu17.9Ni14.6Al10Ti5 and (b) Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 SLM samples. The additively 

manufactured Zr52.5Cu17.9Ni14.6Al10Ti5 sample shows a larger heat-affected zone than the 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 sample produced via SLM. 

 

A possible explanation for the different hardness values of cross and longitudinal sections in 

Zr52.5Cu17.9Ni14.6Al10Ti5 SLM sample is that the larger HAZ in the Z-direction results in a more 
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relaxed structure. Therefore, the hardness shown in cross and longitudinal sections is different. 

Generally speaking, the overlap and HAZs in the Y- and Z-direction might influence the 

mechanical properties of the longitudinal and cross section for the SLM samples. 

In order to clarify the influence of the thermal field on crystallization and structural 

relaxation, three representative positions were taken and analysed for each sample. As shown 

in Figs. 3.35 (a) and (b), Pa represents the position in the molten pool, Pb is in the HAZ near the 

molten pool and Pc is at the margins of the HAZ. Their temperature-time curves are shown in 

Figs. 3.36 (a) and (b) and allows us to determine the temporal evolution of the temperature at 

different locations in the sample. The melting temperature (Tm), crystallization temperature (Tx) 

and glass transition temperature (Tg) are indicated by dashed lines.  

 

Figure 3.36: The heating and cooling traces at different positions of the temperature field (black 

rectangles in Fig. 3.35) for (a) Zr52.5Cu17.9Ni14.6Al10Ti5 and (b) Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 

additively manufactured BMGs. The grass-transition (Tg), crystallization (Tx), and melting (Tm) 

temperatures of the SLM samples are also indicated with dash lines. 

 

In Fig. 3.36 (a), although the temperature within the HAZ (Pb) surpasses Tx, such high 

temperatures only prevail for about 0.9 ms. In the case of the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 

sample a temperature above Tx exists only for 0.5 ms (Fig. 3.36 (b)). Such a short crystallization 

window is insufficient for the crystallization. The cooling rates (traces with dots) were also 

calculated according to the curves (i.e. the derivatives of the T-t-curves).  

The minimum cooling rates of the Zr52.5Cu17.9Ni14.6Al10Ti5 and Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 

samples are over 104 K/s. These values provide a lower boundary for the actual cooling rate of 

the (supercooled) melt. The high cooling rates ensure the formation of a fully glassy structure 

and are highly consistent with the estimations based on microstructural analysis (Fig. 3.29) [220, 

306]. Comparing to the Zr52.5Cu17.9Ni14.6Al10Ti5 SLM sample, the Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 

SLM sample has a shorter duration of anneal. One can speculate that the overall shorter anneal 

leads to a less relaxed structure in the longitudinal direction. Thus, the 
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Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 sample produced via SLM exhibit similar nanohardness values on 

both sections. Whereas the Zr52.5Cu17.9Ni14.6Al10Ti5 SLM sample shows different nanohardness 

values on cross and longitudinal sections.   
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CHAPTER 4 Selective laser melting of ex-situ Zr-based 

BMG matrix composites 

    Alloying elements, which stabilize the β-phase (e.g. Nb, Mo, Ta), are crucial ingredients for 

the development of Zr/Ti-based bulk metallic glass matrix composites reinforced with ductile 

β-type dendrites (see section 1.2.2.2) [77, 307-312]. Such composites with improved plasticity 

are usually obtained by casting or semi-solid processing. Precise control over the crystallization 

process and, consequently, control over the resulting microstructures is not straightforward and 

generally only feasible for alloys with outstanding glass-forming ability [313, 314]. These 

alloys often contain toxic Be [313, 314].  

    Thus, mixing glass-forming and conventional alloy powder prior to selective laser melting is 

a promising way to produce ex-situ BMG-composites. In this chapter, the glass-forming alloy 

Zr52.5Cu17.9Ni14.6Al10Ti5 (at.%) was selected as matrix for the preparation of ex-situ BMG matrix 

composites. Two different contents of the β stabilizer Nb (2 wt.% and 10 wt.%) were added as 

the second, crystalline phase. The microstructural evolution and mechanical properties of the 

BMG matrix composites as obtained by selective laser melting will be systematically discussed 

in the following. 

4.1 Phase formation 

As revealed in section 3.2.1, the actual composition of Zr52.3Cu18Ni14.6Al10.1Ti5 is in excellent 

agreement with the nominal composition, Zr52.5Cu17.9Ni14.6Al10Ti5 (at.%). Therefore, we will 

only refer to the nominal composition in the following. The oxygen content of the 

Zr52.3Cu18Ni14.6Al10.1Ti5 powder is 487 ± 5 ppm and the Nb powder contains 324 ± 17 ppm 

oxygen. After selective laser melting, the oxygen content reaches about 920 ± 20 ppm in the 

final samples. Since there is some residual oxygen in the chamber and Zr-based BMGs are 

prone to oxidation, there is an oxygen uptake during processing [87, 275].  

In the first step, the phase formation in the different as-cast and additively manufactured 

samples was investigated by means of X-rays. Fig. 4.1 shows the X-ray diffraction patterns of 

the samples with varying Nb contents. The Zr52.5Cu17.9Ni14.6Al10Ti5 SLM sample without any 

Nb additions exhibits only a broad diffraction maximum and no sharp reflections can be 

observed, suggesting that a single glassy phase has formed (Fig. 4.1(a)) [220]. The diffraction 

pattern of the SLM sample with 2 wt.% Nb, in contrast, exhibits a few additional sharp Bragg 

peaks, which can be ascribed to niobium. The corresponding as-cast sample containing 2 wt.% 

Nb (Zr51.7Cu17.6Ni14.4Al9.8Ti4.9Nb1.6 (at.%)) only shows a broad maximum (Fig. 4.1 (a)). During 
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repeated arc-melting and suction casting, niobium is completely dissolved, which can be 

inferred from the absence of Nb reflections, and, thus, a homogeneous alloy forms. This Nb 

content apparently does not reduce the critical casting thickness to below 3 mm, which is why 

the alloy still vitrifies during suction casting.  

In the SLM sample with 10 wt.% Nb, one can detect Nb reflections but additional, relatively 

broad reflections appear being superimposed on a broad scattering background (Fig. 4.1(a)). 

Despite the high cooling rates during selective laser melting, this powder blend does not vitrify. 

In other words, its tendency to congeal into a glass is lower than of the base composition, 

Zr52.3Cu18Ni14.6Al10.1Ti5. This might originate from the diffusion of Nb into the matrix, which 

then stimulates the precipitation of new crystalline phases, thus deteriorating the glass-forming 

ability. In order to assess the effect of 10 wt.% of Nb on the glass-forming ability of the alloy, 

an as-cast Zr52.5Cu17.9Ni14.6Al10Ti5 sample with 10 wt.% Nb (Zr48.3Cu16.5Ni13.4Al9.2Ti4.6Nb8) was 

prepared and also investigated (Fig. 4.1(a)). No Nb reflections are present anymore, which 

indicates that Nb is again completely dissolved during repeated arc-melting. Yet, in stark 

contrast to the as-cast sample with 2 wt.% Nb, multiple crystalline reflections are visible and 

the XRD pattern does not imply that a glassy phase is left. The critical casting thickness of this 

composition certainly is below 3 mm [311]. 

The unambiguous identification of the crystalline phases is rather challenging because of the 

complex alloy composition in combination with the extended widths of the crystalline 

reflections. Even for the base alloy, i.e. Zr52.5Cu17.9Ni14.6Al10Ti5, the crystallization products are 

subject to controversy [286, 315, 316]. Therefore, a detailed phase identification is beyond the 

scope of the present work, especially since it is not required for the discussion below. Instead, 

qualitative aspects of the crystallization process by comparing the as-cast 

Zr52.5Cu17.9Ni14.6Al10Ti5 glass annealed for 24 h at 873 K and at 973 K with the as-cast sample 

with 10 wt.% Nb annealed at 973 K for 24 h were merely concentrated on. In Fig. 4.1 (b), a 

section (2θ-range from 12 ° - 24 °) of the respective XRD patterns is shown.   

After annealing the as-cast Zr52.5Cu17.9Ni14.6Al10Ti5 glass at 873 K for 24 h, only few 

crystalline reflections are found. The strongest ones can be attributed to CuZr2 [285, 286, 316]. 

When annealed at 100 K more, this alloys precipitates additional phases, which might come 

from the tetragonal NiZr2 phase, which is known to precipitate at the later stages of 

crystallization [286]. The big cube phase (fcc, NiTi2-type) [287] cannot be detected in these as-

cast samples. It is a metastable phase (in this alloy) and has to be stabilized by a substantial 

amount of oxygen [276, 277, 285, 287]. Yet, the oxygen content in the as-cast 

Zr52.5Cu17.9Ni14.6Al10Ti5 glass (77 ± 5 ppm) is too low for this to happen. When the as-cast 
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Zr52.5Cu17.9Ni14.6Al10Ti5 sample with 10 wt.% Nb is annealed at 973 K for 24 h, the diffraction 

pattern reveals distinct differences with respect to the annealed base composition (Fig. 4.1 (b)): 

CuZr2 does not precipitate any more, and instead, tetragonal/fcc NiZr2, Ti2NbAl and Al5Ti are 

detected. The fcc NiZr2 (big cube) phase is stabilized in these samples owing to their relatively 

high oxygen contents (as-cast: 95 ± 6 ppm ppm, SLM: 1118 ± 17 ppm), while the Nb-containing 

crystalline phase forms because of the relatively high Nb content. It appears that the same 

crystalline phases are also found in the Zr52.5Cu17.9Ni14.6Al10Ti5 sample with 10 wt.% Nb 

processed by selective laser melting (Fig. 4.1 (b)). However, the reflections are less intense and 

much broader, indicating a smaller crystal size. In addition, one strong Nb reflection appears in 

the SLM sample due to incomplete dissolution of the Nb powder particles during selective laser 

melting. 

To summarize these findings, a substantial amount of Nb leads to the formation of Ti2NbAl 

and the elevated oxygen content stabilizes the big cube phase next to tetragonal NiZr2. The 

phase formation in Zr52.5Cu17.9Ni14.6Al10Ti5 with 10 wt.% Nb produced by selective laser 

melting, hence, becomes even more complex than for oxygen-lean Zr52.5Cu17.9Ni14.6Al10Ti5. 

Especially the volume fraction and the distribution of these brittle intermetallic phases is crucial 

for the deformation behaviour and will be discussed below. 

 

Figure 4.1: X-ray diffraction patterns of the pure Zr52.5Cu17.9Ni14.6Al10Ti5 powder processed 

with SLM as well as of Zr52.5Cu17.9Ni14.6Al10Ti5 with 2 and 10 wt.% Nb obtained by casting and 

SLM. Only the Zr52.5Cu17.9Ni14.6Al10Ti5 sampled produced by SLM and as-cast sample with 2 

wt.% Nb exhibit the broad reflection typical of metallic glasses. For the SLM sample containing 

2 wt.% Nb, only Nb can be detected pointing to the fact that a BMG matrix composite has been 

obtained. In the SLM and as-cast sample with 10 wt.% Nb several intermetallic phases 

precipitate. 

 

To unambiguously prove the presence of a glassy phase in these samples, differential 

scanning calorimetry was carried out. The DSC traces of all specimens are displayed in Fig. 4.2 
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and the glass-transition temperature (Tg) as well as the crystallization temperature (Tx) are 

indicated. All thermal data are additionally summarized in Table 4.1. The as-cast and SLM 

samples of both pure Zr52.5Cu17.9Ni14.6Al10Ti5 and Zr52.5Cu17.9Ni14.6Al10Ti5 with 2 wt.% Nb 

exhibit the typical features of metallic glasses, i.e. a glass transition followed by a supercooled 

liquid region and exothermic events associated with crystallization. The inset to Fig. 4.2 depicts 

an enlarged view of the temperature regime around Tg for the SLM sample with 10 wt.% Nb. 

Even though the endothermic event is not as pronounced as for the other samples, one can still 

reveal a glass transition proving the presence of small volume fraction of glass. Only in the as-

cast Zr52.5Cu17.9Ni14.6Al10Ti5 sample with 10 wt.% Nb, the glass transition is absent (Fig. 4.2). 

The slight differences in Tg and Tx for the additively manufactured and the as-cast 

Zr52.5Cu17.9Ni14.6Al10Ti5 samples imply that the SLM state is somewhat different from the as-

cast state, which may originate from the higher oxygen content found in the SLM samples.  

 

Figure 4.2: DSC traces of Zr52.5Cu17.9Ni14.6Al10Ti5 with different Nb contents. and as-cast 

monolithic glass as well as BMG-matrix composites. Apart from as-cast sample with 10 wt.% 

Nb, all samples exhibit endothermic glass transition at glass-transition temperature, followed 

by an exothermic crystallization event. The glass-transition temperature, Tg and the onset of 

crystallization, Tx, are marked by arrows. For all the SLM samples, the crystallization peak is 

shifted to a slightly higher temperature and the shoulder of the first crystallization event 

becomes weaker than the as-cast sample. The inset indicates the glass transition in SLM sample 

with 10 wt.% Nb. 

 

With increasing Nb content, the crystallization peaks become broader and shallower so that 

the enthalpy of crystallization decreases markedly compared to the fully amorphous SLM 
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samples. Based on the crystallization enthalpies the corresponding crystalline volume fractions 

were estimated (Table 4.1). The results corroborate the XRD data (Fig. 4.1) and prove that Nb 

additions reduce the glass-forming ability of Zr52.5Cu17.9Ni14.6Al10Ti5 and promote the 

precipitation of crystals. 

Table 4.1: Summary of the thermal parameters of the additively manufactured as well as of the 

as-cast samples.  

sample Tg ± 2 

(K) 

Tx ± 2 

(K) 

△T ± 2 

(K) 

△Hcryst  ± 2 

(J/g) 

Cryst. Vol. fract. 

after SLM ± 5% 

SLM 683 748 65 56  

as-cast 687 747 60 59  

SLM + 2 wt.% Nb 704 748 44 44 21% 

as-cast + 2 wt.% Nb 696 736 40 64  

SLM + 10 wt.% Nb 700 738 38 20 64% 

as-cast + 10 wt.% Nb    29  

 

4.2 Microstructures 

The cross-sections of the additively manufactured Zr52.5Cu17.9Ni14.6Al10Ti5 with 2 and 10 wt.% 

Nb are displayed in Figs. 4.3 (a) and (b), respectively. The Nb particles have an irregular shape 

and are uniformly distributed in the matrix. The shape of the particles is rather similar to that of 

the original Nb powder (cf. inset to Fig. 4.4 (a)), which suggests that the Nb particles did not 

melt during selective laser melting but only the glass-forming Zr52.5Cu17.9Ni14.6Al10Ti5 powder. 

This can be explained by the significant difference in the melting temperatures, Tm (Tm (Nb) = 

2750 K and Tm (Zr52.5Cu17.9Ni14.6Al10Ti5) = 1085 K) [317, 318]. The matrix of the SLM sample 

with 10 wt.% Nb appears to be marbled (Fig. 4.3 (b)), which could be the result of abundant Nb 

diffusion into the matrix. This aspect will be discussed in more detail below. 
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Figure 4.3: Scanning electron micrograph of the cross-sections of a Zr52.5Cu17.9Ni14.6Al10Ti5 

sample produced by SLM (a) with 2 wt.% Nb and (b) with 10 wt.% of Nb particles. The Nb 

particles with an irregular shape distribute inhomogeneously. There exhibit continuous ripple-

like dark region around Nb particles. 

 

First, the sizes and distribution of the Nb particles in the different SLM samples shall be 

analysed. The particle size distribution of the unprocessed Nb powder is displayed in Fig. 4.4 

(a) together with a SEM micrograph of the powder. The particle size distribution resembles a 

Poisson distribution having its maximum at a particle size around 13 µm. The maximum 

equivalent diameters (particle sizes) are around 55 µm. The size distribution of the Nb particles 

is altered after the SLM process (Figs. 4.4 (b) and (c)): The maximum of the distribution is now 

around 8 µm and the maximum particle size detected is reduced to about 35 µm, independent 

of the amount of Nb particles added to the Zr52.5Cu17.9Ni14.6Al10Ti5 powder. These changes 

imply that there is substantial diffusion of Nb into the matrix during SLM. The full µ-CT 

reconstructions of the samples shown in the according insets of Fig. 4.4 prove that the Nb 

particles are indeed uniformly distributed in the entire specimen. X-ray tomography bears the 

great advantage that interparticle spacings can be directly measured avoiding the complications 

of stereology [16]. We apply an approach known from the analysis of the short- and medium-

range order in glassy materials [319, 320] and calculate the radial distribution function, g(D) 

[321]:  

                                                           g(D) = ρ(D) / ρ0                                                                                  (4.1) 

where ρ(D) is the local particle density at distance D and ρ0 is the average density of the system. 

The function can be interpreted as the probability of finding a particle at distance D in the 

sample.  
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Figure 4.4: Nb particle distribution (a) before, (b) and (c) after SLM processing. SEM image 

of original Nb particles is shown as inset in (a); µ-CT reconstruction of the additively 

manufactured Zr52.5Cu17.9Ni14.6Al10Ti5 with 2 wt. % (b) and 10 wt. % (c) Nb are also shown as 

insets; (d) distance of nearest neighbour particles are calculated based on a radial distribution 

function. It should be stressed that the initial Nb powder was analysed by using CAMSIZER, 

the Nb particles in SLM samples were detected with µ-CT. 

 

The results for the SLM samples with 2 and 10 wt.% of Nb are depicted in Fig. 4.4 (d). 

Because of the irregular particle shapes and the random distribution of the Nb particles in the 

matrix, the oscillations typically found in radial distribution function [319, 320] are not very 

pronounced. Yet, the distance between nearest neighbours is at about 31 ± 3 µm for the sample 

with 2 wt.% Nb and about 18 ± 2 µm in the case of the sample with 10 wt.% Nb. This yields a 

ratio for the nearest neighbour distance of dnn(2 wt.% Nb)/ dnn(10 wt.% Nb) = 31/18 ≈ 1.72. 

This is in agreement with the value derived from a simplified geometrical consideration one 

can apply as an estimate for small volume or weight fractions of Nb: If one assumes a certain a 

matrix volume represented by a cube around each Nb particle of fixed size, located in the centre 

of each cube, then the spacing between these Nb particles is roughly the edge length of the 

according cube. A decrease from 10 wt.% Nb to 2 wt.% Nb is almost equivalent to an increase 

in the “matrix cube” volume by a factor of 5, which increases the interparticle spacing 
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accordingly. Because the edge length of the matrix cubes increases by a factor of √5
3

 ≈ 1.71, 

the interparticle spacing increases by the same factor. This estimate implies that the particles 

distribute homogeneously in the matrix. 

Next to the distribution of the Nb particles in the present glass matrix composites also the 

presence and distribution of pores is of importance. Fig. 4.5 combines the µ-CT reconstruction 

(insets) and the extracted pore size distribution for the Zr52.5Cu17.9Ni14.6Al10Ti5 SLM sample 

(Fig. 4.5 (a)) and for the Zr52.5Cu17.9Ni14.6Al10Ti5 SLM sample with 2 wt.% as well as with 10 

wt.% Nb (Figs. 4.5 (b) and (c)). In the Zr52.5Cu17.9Ni14.6Al10Ti5 sample (Fig. 4.5 (a)), the majority 

of pores has sizes between 15 and 35 µm. The maximum pore size is around 90 µm, which 

seems to result from the coalescence of smaller pores in adjacent layers. These larger defects 

are very few and mainly detected in the centre of the rod. Nonetheless, the measured relative 

density reaches 99.5%, which exceeds the value of 98.5% measured via the Archimedean 

method. The limited resolution of the µ-CT measurement often leads to an overestimation of 

the relative density and could be responsible for the observed discrepancy here as well. As the 

inset of Fig. 4.5 (a) depicts, the small pores distribute randomly in the sample. The relative 

densities measured independently for the SLM sample with 2 wt.% Nb reach 99.1% (µ-CT) and 

98.2% (Archimedean measurement) respectively. For the SLM sample with 10 wt.% Nb, the 

relative densities are determined as 99% (µ-CT) and 98% (Archimedean measurement). The 

pore size distributions of the SLM samples with 2 and with 10 wt.% Nb (Figs. 4.5 (b) and (c)) 

reach their maximum between 20 to 45 µm. The tails of the distributions towards larger pore 

sizes do not change significantly and also in these two samples, the pores are uniformly 

dispersed (insets to Figs. 4.5 (b) and (c)). Like for the Zr52.5Cu17.9Ni14.6Al10Ti5 sample, the pores 

tend to stretch over several layers -especially in the centre of the sample with 10 wt.% Nb (Fig. 

4.5 (c)). The slight reduction in the relative density of the Nb containing samples implies that 

the processing parameter used for Zr52.5Cu17.9Ni14.6Al10Ti5 might have to be mildly adjusted. 

Nevertheless, the processability and the quality of the SLM samples is hardly reduced by the 

presence of Nb particles. 
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Figure 4.5: Pore distribution of the additively manufactured Zr52.5Cu17.9Ni14.6Al10Ti5 (a), with 

2 wt. % (b) and 10 wt. % (c) Nb determined by µ-CT. µ-CT reconstruction of all the SLM 

samples are shown as insets. Even though the samples have high relative density, the pores are 

still displayed. The porosity increased after adding Nb addition.  

 

The focus of the next paragraphs is on the diffusion of Nb into the matrix, the phase formation 

and the interface characteristics in the additively manufactured Zr52.5Cu17.9Ni14.6Al10Ti5 samples 

containing Nb. The Nb particles are well bonded to the matrix and one cannot observe any 
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cracks or voids at the interface (Fig. 4.6 (a)), an indication for good wettability between solid 

Nb and liquid Zr52.5Cu17.9Ni14.6Al10Ti5. The mixing enthalpy, ΔHmix, of Nb with the constituent 

elements of the glass-forming powder is mostly negative or only slightly positive (ΔHmix(Nb-

Al) = -18 kJ/mol, ΔHmix(Nb-Ni) = -30 kJ/mol, ΔHmix(Nb-Ti) = 2 kJ/mol, ΔHmix(Nb-Cu) = 3 

kJ/mol and ΔHmix(Nb-Zr) = 4 kJ/mol) [322]. This favours local diffusion of Nb into the molten 

Zr52.5Cu17.9Ni14.6Al10Ti5 powder during selective laser melting.  

However, other than intended, Nb does not stabilize a β-type phase (see section 4.1) [89, 

323], which would be very desirable with respect to the mechanical properties (see section 

1.2.2.2). Instead, relatively complex intermetallic phases form (Fig. 4.1). In the micrographs, 

crystals with a darker contrast than the Nb particles are found in the matrix near the Nb particles. 

The region, in which the dark crystals precipitate, typically stretches about 10 µm into the 

matrix around each Nb particle. Their size ranges from 100 - 500 nm and, interestingly, they 

are not detected by XRD (Fig. 4.1 (a)). Presumably, their volume fraction is too low. In order 

to investigate the change in composition across the interface an EDS line-scan was performed 

and the results are shown in Fig. 4.6 (b). Over a distance of about 5 µm from the interface into 

the matrix especially the Nb and Zr content change.  
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Figure 4.6: (a) SEM micrograph and corresponding (b) EDS line scan for the SLM sample with 

2 wt.% Nb. In the vicinity of the Nb particle different crystalline phases precipitate having a 

typical size of 100 - 500 nm. Along the line scan (from Nb particle to the matrix), the Nb and 

Zr content has significant change. 

 

The Zr52.5Cu17.9Ni14.6Al10Ti5 SLM sample with 10 wt.% Nb (Zr48.3Cu16.5Ni13.4Al9.2Ti4.6Nb8) 

also contains the small dark crystals in the vicinity of the Nb particles (Fig. 4.7). However, 

additional bright crystals form. The EDS maps for this sample show that the regions with these 

bright crystals is Nb-rich. Moreover, they contain more Ti, Ni and Zr than the matrix. The larger 

amount of Nb particles in the melt enhances the diffusion of Nb into the matrix during SLM 

and, therefore, Nb-rich crystals are able to form in this sample. The diffusion coefficient of Nb 

in Zr-alloys ranges between 10-11 and 10-15 m2/s [324, 325]. With increasing the temperature, 

the diffusion coefficient becomes higher [324, 325]. Moreover, diffusion is faster in the liquid 

state and, therefore, the majority dissolution of Nb most likely occur in the molten glass-forming 

powder.  
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In the present study, the lifetime of the molten pool is about 0.002 s (see section 3.3). The 

lifetime of the melt pool is neither sufficient to result in complete dissolution of Nb in the 

surrounding melt nor to uniformly distribute Nb in the melt. As a consequence, a chemical 

gradient is detected (Fig. 4.6 (b)). Thus, diffusion of the Nb particles induced the composition 

changes in the vicinity, leading to the formation of various crystalline phases. As discussed 

above, the elevated Nb content around the Nb particles deteriorates the glass-forming ability 

and stimulates the precipitation of various crystalline phases. These crystalline phases seem to 

be tetragonal NiZr2, fcc NiZr2 (big cube) and CuZr2 (Fig. 4.1 (b)). One could now try to reduce 

the dissolution of Nb by increasing the scanning velocity for example, but in the present work 

the energy input was kept constant (compared to the fabrication of monolithic 

Zr52.5Cu17.9Ni14.6Al10Ti5 glasses) in order to maintain the rather high relative density and to 

reduce the risk of crystallizing the glass-forming powder [220].  

 

Figure 4.7: SEM micrograph and corresponding EDS maps for the SLM sample with 10 wt.% 

Nb. In the vicinity of the Nb particle, there is crystalline phases precipitate in nano scale.  The 

EDS data indicates that there is mostly Nb diffusion into the matrix and that Cu and Al react 

with the Nb particles at the matrix-particle interface. 
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The particle-matrix interface was additionally characterized by transmission electron 

microscopy (TEM). Fig. 4.8 (a) depicts a bright-field TEM micrograph of the SLM sample with 

2 wt.% Nb. A part of a relatively large crystal can be found in the lower left region of the image. 

The selected area electron diffraction (SAED) pattern (the upper right inset) proves that the 

particle is a Nb crystal, which is oriented along the [111]bcc direction. In the high-resolution 

TEM (HRTEM) image (the lower right inset), the lattice fringes become evident. The 

surrounding matrix is featureless. Fig. 4.8 (b) displays a magnified TEM image of the interface 

between the Nb particle and the matrix in the SLM sample with 2 wt.% Nb. A relatively sharp 

particle-matrix interface can be seen. The SAED pattern taken about 150 nm away from the 

interface (upper right inset) only shows a broad and diffuse halo typical of a glassy phase. The 

HRTEM image taken from the interface region is shown as the second inset. In the upper right 

corner of the image, the sample exhibits a homogeneous maze-like pattern corresponding to the 

glass. The left part of the image, in contrast, contains lattice fringes. No atomically sharp 

interface can be observed in the HRTEM image. As Fig. 4.8 (c) indicates, several nanocrystals 

precipitate near the crystal-glass interface of the SLM sample with 10 wt.% Nb particles. The 

nanocrystals have sizes between 5 and 80 nm and are surrounded by an amorphous matrix, as 

the SAED and the HRTEM image (insets) prove. It is unlikely that such large crystals form 

during ion-milling in these samples but not in the samples with 2 wt.% Nb. Consequently, the 

higher Nb content resulting in the enhanced diffusion during SLM must be the origin of this 

phenomenon.   
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Figure 4.8: TEM micrograph and corresponding SAED patterns of (a) Nb particle in the SLM 

Zr52.5Cu17.9Ni14.6Al10Ti5 with 2 wt. % Nb; (b) interface between Nb particle and glassy matrix 

in the SLM Zr52.5Cu17.9Ni14.6Al10Ti5 with 2 wt.% Nb; (c) nanocrystals in the SLM 

Zr52.5Cu17.9Ni14.6Al10Ti5 with 10 wt.% Nb. 

 

4.3 Mechanical properties 

Microhardness maps (Fig. 4.9) were obtained from the cross-sections of the additively 

manufactured Zr52.5Cu17.9Ni14.6Al10Ti5 and Zr52.5Cu17.9Ni14.6Al10Ti5 with 2 wt.% and 10 wt.% 

Nb in order to study the heterogeneity of the samples. The typical size of the indents is about 

30 µm, which is larger than most of the Nb particles. The hardness values of the 

Zr52.5Cu17.9Ni14.6Al10Ti5 sample produced via SLM (Fig. 4.9 (a)) do not scatter much and are in 

the range of 504 HV0.2 to 512 HV0.2. At the present resolution, it is not possible to reveal 

differences between the heat-affected zone and the melt track centres [245] and, therefore, the 
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hardness map appears rather uniform. The hardness values found in the SLM sample with 2 wt.% 

Nb (Fig. 4.9 (b)) vary between 475 HV0.2 and 586 HV0.2. The according map clearly points 

to an increased structural heterogeneity [245]. The lower hardness values must be a result of 

the Nb particles and the larger hardness must originate from the formation of strong 

intermetallic phases (cf. Fig. 4.6 and see discussion above). Finally, the SLM sample with 10 

wt.% Nb (Fig. 4.9 (c)) exhibits the largest spread of hardness values (427 HV0.2 to 689 HV0.2). 

The corresponding map reveals a rather heterogeneous behaviour. Soft regions are surrounded 

by comparatively hard regions. While the former result from the presence of Nb crystals, the 

latter are those regions around the Nb particles, in which the intermetallic phases precipitate 

(Fig. 4.7). These intermetallics apparently are even harder than the Zr52.5Cu17.9Ni14.6Al10Ti5 

glass. 

 

Figure 4.9: Micro-hardness maps carried out on the cross-section of (a) the additively 

manufactured Zr52.5Cu17.9Ni14.6Al10Ti5, (b) with 2 wt.% and (c) 10 wt.% Nb. With the increase 

of the Nb content, the samples became more inhomogeneous. Some regions with high micro-

hardness formed, at the meantime some softer regions appeared. 

 

Subsequently, each material was uniaxially compressed. Fig. 4.10 compares the compressive 

stress-strain curves of all as-cast and SLM samples. As shown in Table 4.2, all additively 

manufactured specimens have a similar Young’s modulus (77 GPa to 80 GPa), whereas the Nb-

containing as-cast samples exhibit a higher value around 90 GPa. The Zr52.5Cu17.9Ni14.6Al10Ti5 

SLM sample typically fails at stresses around 1800 MPa. However, after the addition of Nb 

particles, the samples fracture at significantly lower stresses (1510 MPa for 

Zr52.5Cu17.9Ni14.6Al10Ti5 with 2 wt.% Nb and 1000 MPa for Zr52.5Cu17.9Ni14.6Al10Ti5 with 10 wt.% 

Nb).  
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Figure 4.10: Representative stress-strain curves of the additively manufactured 

Zr52.5Cu17.9Ni14.6Al10Ti5, SLM as well as as-cast samples with 2 wt.% and 10 wt.% Nb rods with 

a diameter of 3 mm. All the samples show no plasticity upon yielding.  

 

Table 4.2: Summary of the mechanical properties of SLM and as-cast samples.  

sample Young’s modulus (GPa) Fracture strength (MPa) 

SLM 79 ± 1 1800 ± 50 

SLM + 2 wt.% Nb 78 ± 1 1500 ± 70 

as-cast + 2 wt.% Nb 90 ± 2 1920 ± 40  

SLM + 10 wt.% Nb 77 ± 1 1000 ± 40 

as-cast + 10 wt.% Nb 87 ± 2 1300 ± 20 

 

In addition, none of the samples fabricated by SLM shows any significant plastic 

deformation. Three factors might be responsible for this: (i) as discussed above, the amount of 

pores tends to increase with the Nb content, which is known to reduce plasticity [49] (ii) the 

relatively pointy corners and edges of some Nb particles could act as stress concentrators during 

mechanical loading [49] and (iii) the precipitation of hard but brittle intermetallic phases could 

induce premature failure. Especially the last aspect is decisive, as shown in the following. 

For comparison, also the according as-cast samples were compressed (Fig. 4.10). The as-cast 

samples with 2 wt.% and 10 wt.% Nb, show a measurably higher maximum compressive 

strength (1920 MPa and 1300 MPa, respectively). Yet, also these samples fail in a brittle manner. 
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It is not clear why this applies to the fully amorphous as-cast Zr52.5Cu17.9Ni14.6Al10Ti5 sample 

with 2 wt.% of Nb, since glassy Zr52.5Cu17.9Ni14.6Al10Ti5 is malleable to some extent (see section 

4.1). It seems that Nb has a negative bearing on plasticity in this alloy. When 10 wt.% Nb are 

added to Zr52.5Cu17.9Ni14.6Al10Ti5, the melt does not vitrify any more on casting and, instead, 

several intermetallic phases form (Fig. 4.1(b)). Because of their complex composition and low 

crystal symmetry most of the phases, which precipitate in this alloy, are inherently brittle [326, 

327].  

Fractography provides valuable information regarding the failure mechanism and the role of 

the intermetallic phases, which form around the Nb particles. Figs. 4.11 (a), (b) and (c) show 

the additively manufactured Zr52.5Cu17.9Ni14.6Al10Ti5 samples without, with 2 wt.% and with 10 

wt% Nb, respectively. The Nb-free samples fail along the plane of maximum shear stress 

characteristic of metallic glasses (Fig. 4.11 (a)) [117]. When 2 wt.% are added to the alloy, the 

fracture surface becomes more complex and the material does not fail along a single plane 

anymore (Fig. 4.11 (b)). At the largest Nb content, however, the samples shatter into multiple 

small pieces (Fig. 4.11 (c)). A network of cracks must form on mechanical loading, which 

eventually fragments the entire specimens. 

  

Figure 4.11: The SEM images of the broken (a) SLM Zr52.5Cu17.9Ni14.6Al10Ti5 sample, (b) the 

SLM sample with 2 wt.% Nb and (c) SLM sample with 10 wt.% Nb. The SLM sample with 10 

wt.% Nb for compression test broke into small pieces.  

 

It is reasonable to assume that the brittle crystalline precipitates are the cause of this 

behaviour and the possible fracture mechanism is schematically depicted in Figs. 4.12 (a) and 

(b). The brittle crystals preferentially form around the Nb particles (Fig. 4.12 (a)) and because 

of the relatively large content of Nb particles (10 wt.%), they begin to coalesce and form a 

network. On compression the crystals yield first [108, 109, 326, 327] and owing to their 

brittleness, multiple cracks form in the sample. These cracks grow and propagate along the 
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network of brittle precipitates on further deformation until the entire sample fails eventually 

(Fig. 4.12 (b)).   

 

Figure 4.12:  Schematic of fracture process for the SLM sample with 10 wt.% Nb at (a) early 

stage and (b) late stage of deformation. 
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CHAPTER 5 Selective laser melting of in-situ CuZr-based 

BMG matrix composites 

Cu50Zr50-based BMG matrix composites are peculiar, since they additionally work-harden, 

owing to the deformation-induced martensitic transformation of the embedded B2 CuZr crystals. 

The martensitic transformation overcompensates the work softening of the glass [93, 117, 328, 

329]. SLM seems to be a promising method to prepare BMG and its composites [128, 200, 217, 

219-239]. By optimizing the process parameters, one can not only control the volume fraction 

of crystalline phase(s), but also their distribution. In-situ BMG matrix composites were not 

deliberately fabricated by SLM, though the layer-by-layer synthesis could bear great potential 

in this respect [231]. Thus, in this chapter a glass-forming Cu46Zr46Al8 (at.%) powder was 

selected to produce a monolithic BMG and a BMG matrix composite via SLM. Properties like 

the relative density, structural heterogeneities, the formation of phases and mechanical 

properties will be systematically discussed in this chapter.    

5.1 Powder analysis 

As shown in Table 5.1, the actual composition of the gas-atomized powder only slightly 

deviates from the nominal composition of Cu46Zr46Al8 (at. %). Thus, the gas atomization did 

not affect the chemical composition. The oxygen content of the initial powder is 332 ± 11 ppm 

and increases to 491 ± 15 ppm for the final specimens. Since the used composition is rich in Zr, 

which is highly affine to oxygen [87, 275] and residual oxygen prevails in the building chamber, 

it is incorporated into the powder during selective laser melting. 

Table 5.1 Chemical composition of the gas-atomized Cu46Zr46Al8 powder. 

 

    The detailed powder information such as powder size distribution and morphology provide 

important hints for setting the initial scanning strategy. The powder size distribution shown in 

Fig. 5.1 (a) demonstrates that the particle size is equally distributed between 10 and 80 µm. The 

fraction of the powder with a diameter ranging from 10 to 80 µm amounts to about 90%. The 

powder only contains about 2.5% small-sized particles, which effectively prevents particle 

agglomeration [171]. Based on heuristics obtained sections 3.1 and 3.2 and the powder 

characteristics, the layer thickness and hatch distance was selected to 40 and 180 µm, 

Element (wt.%) Cu Zr Al 

nominal 39.85 57.21 2.94 

powder 39.76 ± 0.20 56.83 ± 0.10 2.92 ± 0.01 
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respectively [220]. Fig. 5.1 (b) depicts the powder morphology. It can be clearly seen that 

spherical powder particles constitute the majority resulting in an improved flowability of the 

powder. Only a few agglomerated particles (satellites) very small in size, which adhere to larger 

particles, can be observed from the corresponding SEM image.  

 

Figure 5.1: (a) Particle size distribution of the Cu46Zr46Al8 powder after sieving. The diameters 

of the powder particles are almost equally distributed between 10 and 80 µm in diameter. (b) 

Scanning electron micrograph of the sieved gas-atomized powder. Mostly, spherical powder 

particles with a minor amount of satellites can be observed.  

 

5.2 Parameter optimization 

A high relative density is the prerequisite for additively manufactured components for being 

used as structural material and we first aim to identify the optimum processing conditions in 

terms of porosity. Fig. 5.2 displays the contour map of the relative density of Cu46Zr46Al8 

samples produced by SLM as a function of scanning velocity and laser power. The SLM 

specimens were produced with a constant layer thickness (l = 40 µm) and a constant hatch 

distance (h = 180 µm). 
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Figure 5.2: Contour map of the relative density of the additively manufactured Cu46Zr46Al8 

samples as a function of the scanning velocity and the laser power at a constant layer thickness 

(l = 40 µm) and a constant hatch distance (h = 180 µm). The dashed lines indicate values of 

constant volume energy input. The relative density was measured with Archimedean method. 

 

By varying the laser power and scanning speed, optimum processing conditions are identified 

resulting in the preparation of relatively dense specimens. Fig. 5.2 illustrates the interrelation 

between the process parameters and the resulting relative densities of the SLM samples. The 

dashed lines in Fig. 5.2 represent a constant energy input along which the relative density 

strongly varies. As in the case of the Ti-based (section 3.1.2), these results do not show a 

monotonous correlation between the density of the selectively laser-melted specimens and the 

energy density criterion. However, the details of the relative density maps strongly vary for the 

different glass-forming compositions, which makes it very difficult to make any predictions. So 

far, empirical parameter optimization seems to be the only possibility to identify the optimum 

parameters. For laser powers ranging from 93 W to 114 W at a scanning velocity around 1000 

mm/s, a high relative density above 98% can be achieved. This relatively wide area represents 

the optimum processing window for Cu46Zr46Al8 and the maximum relative density reaches 

98.6%. Such a rather wide parameter window is desirable for selective laser melting.  
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In order to better understand the interrelation between the energy input and the pore 

distribution, µ-CT experiments were carried out. Fig. 5.3 depicts the µ-CT reconstruction and 

pore distribution of the SLM samples produced with the following parameters:  

(i) EV = 14.3 J/mm3 (P = 99 W, v = 1000 mm/s, h = 180 µm, l = 40 µm),  

(ii) EV = 17.4 J/mm3 (P = 120 W, v = 1000 mm/s, h = 180 µm, l = 40 µm) and  

(iii) a sample for which a re-melting step [192-194] was implemented (P1 = 99 W, P2 = 120 W 

v = 1000 mm/s, h = 180 µm, l = 40 µm). P1 is the power for the first scanning and P2 is the 

power for re-melting. 

For the re-melted sample, each powder layer was initially processed with the following 

parameters: EV = 14.3 J/mm3 (P1 = 99 W, v = 1000 mm/s, h = 180 µm, l = 40 µm). After the 

layers solidified, they were re-melted with a higher laser power (P2 = 120 W), while the 

remaining processing conditions (v = 1000 mm/s, h = 180 µm) were not altered. A re-melting 

step is often applied to increase the relative density [194, 195] and it shall be assessed if this 

also applies to the present glass-forming alloy. In the following, the energy input is used to refer 

to all three fabricated sample batches.  

As shown in Fig. 5.3, the pores are randomly distributed. Only few pores can be seen in the 

sample fabricated with an energy input of EV = 14.3 J/mm3 (Fig. 5.3 (a)) and its relative density 

is 98.6% (Archimedes). Both the number and the sizes of the pores increase when the alloy is 

prepared with a slightly higher energy input of EV = 17.4 J/mm3 or when each layer is re-melted 

(Figs. 5.3 (b) and (c)). The relative densities for the sample with energy input of EV = 17.4 

J/mm3 and re-melted sample are 98% and 98.2%, respectively. The relative density of re-melted 

sample is lower than that of the sample produced with a lower energy input of EV =14.3 J/mm3. 

Consequently, it seems that the relative density of the re-melted sample is primarily determined 

by the first melting procedure. Unlike the previous works [194, 195],the second scanning does 

not seem to have a positive effect on the relative density in the present work. To obtain a more 

quantitative picture, a statistical analysis of the pore sizes was conducted.  

As shown in Fig. 5.3 (a), the pore sizes range from 10 to 90 µm and most pores (over 50%) 

have an equivalent diameter of 15 and 30 µm. The pore sizes of the specimens produced at EV 

= 17.4 J/mm3 (Rel. density = 98%) mainly range between 20 µm and 35 µm (Fig. 5.3 (b)) and 

the pore size distribution of the re-melted sample (Rel. density = 98.2%) is rather similar. 

However, the peak of the appendant pore size distribution is located between 30 µm and 35 µm 

(Fig. 5.3 (c)), suggesting that a rising energy input leads to a slight increase in pore size. Yet, a 

too high energy input may overheat the material, leading to a larger defect size. The amount of 

large pores (over 65 µm) decreases as the energy input augments. The large pores usually stretch 
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over several layers and contain unmelted powder particles. At a sufficient energy input, these 

unmelted particles are fused and, hence, the evolution of larger pores is mitigated. A comparison 

between Figs. 5.3 (a) and (c) reveal that the main pore size increases, whereas large pores appear 

less. This result indicates that one can modify the distribution of defect size by a suitable re-

melting treatment. 

 

Figure 5.3: µ-CT images of cross-sections (upper), corresponding reconstructions (inset) and 

pore size distribution histograms of SLM samples prepared with different parameters: (a) P = 

99 W, v = 1000 mm/s, h = 180 µm, l =40 µm, (b) P = 120 W, v = 1000 mm/s, h = 180 µm, l 

=40 µm, (c) Re-melted sample (P1 = 99 W, P2 = 120 W, v = 1000 mm/s, h = 180 µm, l =40 

µm). 
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5.3 Microstructure 

After having explored the interrelation between the processing parameters and porosity (or, 

equivalently: relative density), the phase formation and microstructure of the fabricated 

specimens shall be investigated next. Additionally, the powder and the as-cast material of 

identical chemical composition were characterized, which serves as reference states. The phase 

formation of the as-cast samples, the initial powder and the final SLM samples synthesized at 

different energy inputs was investigated first using XRD (Fig. 5.4).  

 

Figure 5.4: X-ray diffraction patterns of the Cu46Zr46Al8 powder, the as-cast rods and rods 

produced by SLM with different energy inputs. All cylindrical specimens were produced with 

a diameter of 3 mm. By increasing the energy input, sharp peaks corresponding to the presence 

of crystalline phases, are visible.  

 

The XRD pattern of the initial powder shows a broad maximum superposed by one weak 

crystalline reflection, which can be allocated to the B2 CuZr phase. As already known from as-

cast CuZr-based BMG composites, small B2 CuZr crystals can form prior to the vitrification of 

the supercooled liquid when insufficient cooling rates are applied [93]. This, apparently, is also 

the case during gas atomization. The XRD pattern of the SLM sample synthesized at an energy 

input of EV = 14.3 J/mm3
 only depicts a broad scattering maxima at 2θ = 17.5 ° indicating a 

fully glassy microstructure similar to the as-cast state (Fig. 5.4). The high cooling rates (see 

section 1.4.2) [198] ensure the suppression of crystallization on solidification of the melt during 

selective laser melting. The cooling rates during SLM appear to exceed the ones of gas 

atomization, which is why the Cu46Zr46Al8 appears to be fully glassy after SLM. 
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When the additively manufactured samples are produced with an energy input of EV = 15.6 

J/mm3, crystallization occurs. A relatively weak crystalline reflection appears on top of the 

broad scattering maximum of the glass. It can be allocated again to the B2 CuZr phase, 

suggesting that a higher energy input leads to lower cooling rates resulting in partial 

crystallization. At even higher energy input (Fig. 5.4, EV = 17.4 J/mm3), the intensity of this 

sharp reflection increases. As discussed in section 1.4.1.2, re-melting treatment can not only 

improve the relative density, but also be used to design the microstructure. Thus, in order to 

obtain and increase the volume fraction of B2 CuZr, re-melting treatment was conducted. 

In the XRD pattern of re-melted sample, various sharp reflections can be observed and all of 

them can be allocated to the B2 CuZr phase. However, the intensity of the main reflection at 

about 2θ = 18 ° is comparatively high, so that one can suspect either a texture effect or the 

crystallization of an additional phase which is more likely. The position of this strong reflection 

can be also allocated to the big cube phase [330] and previous works on as-cast Cu50Zr50-based 

BMG matrix composites report on its formation, particularly at high temperatures and elevated 

oxygen content, as in the present case. In order to verify this assumption, TEM was employed. 
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Figure 5.5: (a) Bright-field TEM micrograph of the SLM sample produced at an energy input 

of EV =17.4 J/mm3 shows spherical entities, which are identified as B2 CuZr crystals according 

to the selected area electron diffraction (SAED) pattern (inset). (b) High-resolution TEM image 

of the B2 CuZr nanocrystals (shown in a) confirms long-range ordering. (c) TEM micrograph 

of the re-melted SLM sample depicts almost square entities and they are identified as the big 

cube phase by means of the corresponding SAED pattern (inset). (d) At higher magnification, 

it can be seen that the big cube phase is centred around another phase, which most likely served 

as heterogeneous nuclei. 

 

Fig. 5.5 (a) displays the bright-field TEM image of the SLM sample fabricated at an energy 

input of EV = 17.4 J/mm3. Only spherical crystals are visible and by means of electron 

diffraction (Fig. 5.5 (a), inset), they can be clearly identified as B2 CuZr (Pm3m). The indicated 

lattice spacings of B2 CuZr were determined along the [111] zone axis and they match the 

observed lattice spacings obtained from the high-resolution TEM image (Fig. 5.5 (b)). The 

diameter of the B2 CuZr crystals ranges from 30 nm and 100 nm. The evolution of such small 

particles can be attributed to the high cooling rates inherent in SLM [198], which strongly 

inhibit crystal growth.  

The re-melted specimen was also characterized by TEM and Fig. 5.5 (c) represents the bright-

field micrograph. A high number of crystals with edged shape is visible, clearly differing from 

the morphology of the B2 CuZr crystals shown in Fig. 5.5 (a). According to the corresponding 
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SAED pattern (inset of Fig. 5.5 (c)), the edged phases are identified as the big cube phase (Fd3m, 

NiT2-type). The big cube phase usually precipitates in alloys having an elevated oxygen content 

[277, 286, 287] which indeed holds for the present Cu46Zr46Al8 alloy. However, the oxygen 

content of about 500 ppm is comparatively low and generally the big cube phase is stabilized 

by larger oxygen contents [277, 286, 287]. It seems that its formation is nucleated by the 

crystallization of B2 CuZr (Fig. 5.5 (d)): One edged-shaped big cube crystal is shown and it is 

centred around a crystal with spherical morphology. Since the corresponding XRD pattern (Fig. 

5.4) only confirms the presence of the big cube phase and the B2 CuZr phase, the central crystal 

shown in Fig. 5.5 (d) should be B2 CuZr.  

B2 CuZr nanocrystals most likely act as heterogeneous nuclei for the big cube phase. 

Therefore, the big cube phase has to overcome a lower activation energy for its formation and 

can form at lower oxygen contents [220]. The big cube phase then most likely nucleates after 

the formation of B2 CuZr phase during the re-melting process.  

  

Figure 5.6: DSC traces of the Cu46Zr46Al8 powder, as-cast and SLM samples obtained at 

different energy inputs. As indicated in the inset, all samples exhibit an endothermic glass 

transition, followed by an exothermic crystallization event. The glass transition temperature, 

(Tg) and crystallization temperature (Tx) are marked by arrows. 

 

The DSC curves shown in Fig. 5.6 confirm the (partially) glassy nature of the Cu46Zr46Al8 

powder, as-cast and SLM samples. All the specimens show a clear typical glass-transition event 

and a supercooled liquid region followed by an exothermic event associated with crystallization. 

The re-melted SLM sample shows a broader exothermic peak, most likely due to the formation 

of the big cube phase [277]. It can be seen that the glass-transition temperature (Tg) and the 

crystallization temperature (Tx) marked by arrows, are slightly differing. This implies that the 



CHAPTER 5 Selective laser melting of in-situ CuZr-based BMG matrix composites 

124 

 

processing method (gas atomization, SLM and casting) can affect the states of the glassy 

samples and all thermal data is listed in Table 5.2. Additively manufactured sample at higher 

energy input, leads to samples with a lower crystallization enthalpy (Hcryst), suggesting the 

formation of crystals. The corresponding crystalline volume fractions are also shown in Table 

5.2. The re-melting process dramatically enhanced the crystalline volume fraction to 12.5%. 

Table 5.2: Overview over the thermal data obtained from DSC measurements of as-cast and 

SLM samples fabricated at different energy densities. The glass transition temperature, (Tg), 

crystallization temperature (Tx), width of the supercooled liquid (T =Tx - Tg) and the 

crystallization enthalpy (Hcryst) are listed and the typical errors are given. 

sample Tg ± 1 

(K) 

Tx ± 1 

(K) 

ΔT ± 2 

(K) 

ΔHcryst 

± 2 (J/g) 

(ΔHslm - Δ

Hslmc)/ΔHslm 

powder 721 776 55 58  

as-cast sample 717 782  65 57  

SLM (EV = 14.3 J/mm3) 725 779  54 56  

SLM (EV = 15.6 J/mm3) 721 779  58 52 7.1% 

SLM (EV = 17.4 J/mm3) 727 776 49 52 7.1% 

SLM (re-melted) 725 775 50 49  12.5% 

 

5.4 Mechanical properties 

5.4.1 Compression tests 

The SLM samples produced with energy input of EV = 14.3 J/mm3 and 17.4 J/mm3 as well 

as the re-melted samples, which were used for µ-CT reconstruction (Fig. 5.3) were subjected to 

uniaxial compression. As-cast cylindrical BMGs were also subjected to uniaxial compression 

and serve as a reference. Fig. 5.7 depicts the compressive stress-strain curves for all samples. 

Three specimens for each processing condition were tested all having fairly reproducible 

properties. As shown in Fig. 5.7, the as-cast samples exhibit yield stresses ranging between 

1890 MPa and 1950 MPa. The respective fracture strain ranges between 2.11% and 2.45%. The 

Young’s modulus of the as-cast samples amounts to about 98 and 100 GPa. After yielding, the 

as-cast samples show distinct plastic deformation with visible serration. By contrast, no plastic 

strain can be observed for the additively manufactured BMGs regardless the processing 

conditions. The SLM samples with energy input EV = 14.3 J/mm3 fracture at stresses ranging 

from 1470 to 1560 MPa, and their Young’s modulus ranges between 79 and 84 GPa. For 

additively manufactured BMGs synthesized at a higher energy input of EV = 17.4 J/mm3, the 
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fracture stress is in a range of 1310 MPa and 1400 MPa. The values of the Young’s modulus 

are between 76 and 83 GPa. The re-melted SLM samples show the lowest fracture stresses 

(1179 MPa to 1262 MPa), while their Young’s modulus is unchanged (77 GPa to 82 GPa). 

According to µ-CT results, all different SLM samples have similar relative densities. However, 

the samples produced at EV = 17.4 J/mm3 and re-melted samples have larger pore size, which 

might be a cause for the lower fracture stresses. Moreover, structural relaxation affects the 

mechanical properties, particularly the plastic deformability of metallic glasses [70]. One could 

speculate that more relaxed structure of the additively manufacture sample obtained at EV = 

17.4 J/mm3 and re-melted sample is also the cause for yielding at lower stresses. To clarify this 

speculation, the relaxation enthalpies will be discussed in section 5.4.2. As discussed in section 

5.3, the crystalline phases were found in the samples produced at EV = 17.4 J/mm3 and re-melted 

samples. This also might cause the earlier fracture.  

Compared to the as-cast BMGs, all SLM samples fail in a brittle manner at lower yielding 

stresses. In contrast to the as-cast BMGs, which are fully dense, the structure of additively 

manufactured BMGs shows pores. These defects act as stress concentrators, when the sample 

is loaded [49] and lead to yielding at lower stresses followed by immediate brittle failure [49]. 

 

Figure 5.7: Compressive true stress-strain curves of the as-cast and SLM samples produced at 

different process parameters: EV = 14.3 J/mm3 (P = 99 W, v = 1000 mm/s, h = 180 µm, l =40 

µm), EV = 17.4 J/mm3 (P = 120 W, v = 1000 mm/s, h = 180 µm, l =40 µm), re-melted (P1 = 99 

W, P2 = 120 W, v = 1000 mm/s, h = 180 µm, l =40 µm).  

 

Mechanical properties and the associated deformation mechanisms of as-cast Cu46Zr46Al8 

BMGs have been already studied in a systematic manner [331-333]. However, the fracture 

mechanism of additively manufactured Cu46Zr46Al8 BMGs is still unknown. The underlying 

mechanism is elucidated by analysing the fracture morphologies (Fig. 5.8). Only fully 



CHAPTER 5 Selective laser melting of in-situ CuZr-based BMG matrix composites 

126 

 

amorphous SLM samples with energy input of EV = 14.3 J/mm3 were considered and compared 

with the as-cast sample. Figs. 5.8 (a), (b) and (c) reveal the fracture surface of the compressed 

SLM sample. As displayed in Fig. 5.8 (a), the fracture surface is rugged and multiple fracture 

planes can be observed, indicating a complex fracture process differing from a pure shear 

fracture. A crack, which started from the lateral surface and stopped within the glass, can be 

observed. The crack most likely initiated from stress concentrators at the rough lateral surface 

and subsequently propagated towards the interior of the glass where it stopped. The distinct 

vein-like pattern typical of fractured as-cast BMGs can be seen, as Fig. 5.8 (d) confirms. 

However, the vein-like pattern on the fracture surface of the additively manufactured BMG is 

inhomogeneous and discontinuous. Fig. 5.8 (c)) depicts further fractographical features: instead 

of vein-like patterns, steps and dimples are visible and they are indicators for a hysterical failure. 

Cavity structures comprising the so-called mist zone (Fig. 5.8 (c)) whose size can extend to few 

hundred nanometres, can be seen as well. The different morphologies shown in Figs. 5.8 (b) 

and (c) can be attributed to the different velocities of crack propagation [263]. The larger 

propagating velocity for region c results in a higher stress intensity factor, the magnitude of 

which depends on the size and shape of the crack [263]. These obvious markings left on the 

fracture surface indicate a complicated stress field, inducing the hysterical fracture in the 

compressive test. 

    Further defects are visible and Fig. 5.8 (b) depicts a region (b marked in Fig. 5.8 (a)) at higher 

magnification. There are small unmelted powder particles on the fracture surface next to rather 

large pores. Pores alter the stress state during compression testing and act as concentrators. As 

in accordance with previous works [128, 219, 220, 306] and the results shown in section 3.2.3, 

the random distributed large pores are the main cause for this complex fracture process and 

brittle behaviour of additively manufactured BMGs. 
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Figure 5.8: The morphologies of the fracture surfaces of the SLM sample fabricated at an 

energy input of EV = 14.3 J/mm3 (a, b and c) and an as-cast sample (d). The rugged surface 

reveals a complicated fracture process of the SLM sample. 

 

5.4.2 Microhardness and structural relaxation 

Microhardness measurements were conducted on as-cast and SLM samples produced at an 

energy input of EV = 14.3 J/mm3 (P = 99 W, v = 1000 mm/s, h = 180 µm, l = 40 µm), which 

was identified as fully amorphous (Fig. 5.4). Hardness maps were recorded for the as-cast and 

SLM specimens in order to investigate the influence of the processing methods on the structure 

of the glassy samples and indicate their mechanical properties (Fig. 5.9). Fig. 5.9 (a) depicts the 

positions where the indents were placed. Since there is a slight gradient in the cooling rate and 

the surface solidifies faster than the central part for the as-cast sample [70], all the indents were 

selected near the central part of both cross- and longitudinal sections. Figs. 5.9 (a) and (b) 

display the hardness maps of the cross- and longitudinal sections for as-cast sample, 

respectively. Both sections show similar values between 610 and 637 HV0.2. The hardness 

maps of cross- and longitudinal sections of the SLM sample are shown in Figs. 5.9 (c) and (d), 

respectively. The cross section of the SLM sample shows lower hardness values ranging 512 

and 545 HV0.2. The hardness values determined from the longitudinal section are higher and 

range between 532 and 563 HV0.2. The overall hardness of the cross- and longitudinal sections 
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indicates a slightly inhomogeneous structure of the SLM specimen. A possible cause is the 

differently pronounced heat-affected zone (HAZ) within the cross section and longitudinal 

section where the latter is larger. The hatch distance h = 180 µm is much larger than the layer 

thickness l = 40 µm, leading to a larger HAZ in the longitudinal and, thus, to a more intense 

structural relaxation, as FVM simulations corroborate (see section 3.3).  

 

Figure 5.9: (a) and (c) display the hardness contour maps for the cross sections of as-cast and 

SLM samples, respectively. (b) and (d) depict the hardness contour maps of the corresponding 

longitudinal section for as-cast and SLM specimens, respectively. 

 

Since the relaxation enthalpies are sensitive to the thermal history, the values of the relaxation 

enthalpies can reveal more or less relaxed structures. Therefore, a section of the DSC curve 

revealing the structural relaxation enthalpy below Tg is depicted in Fig. 5.10. The relaxation 

enthalpies of the as-cast samples have values between ΔHrelax = 5.24 J/g and ΔHrelax = 8.72 J/g, 

which is lower than the range of SLM samples obtained at EV = 14.3 J/mm3 between ΔHrelax = 

14.33 J/g and ΔHrelax = 22.32 J/g. Additionally, ΔHrelax of the SLM sample with an energy input 

of EV = 17.4 J/mm3 ranges between 11.00 J/g and 11.05 J/g. ΔHrelax of re-melted SLM sample 

ranges between 8.12 J/g and 10.42 J/g. The results are similar with the cases of Ti-based and 

Zr-based BMGs (Chapter 3). Although structural relaxation of the glass might occur in the HAZ 

to a certain extent, the SLM sample still has a higher free volume content than the as-cast sample. 

Either the maximum temperatures present in the HAZ does not suffice for relaxing the structure 
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of the additively manufactured BMGs and FVM simulation (see section 3.3) refute this 

assumption, or the heat within the HAZ is extracted through the surrounding volume so quickly, 

that structural relaxation is kinetically hampered. Thus, in comparison to the additively 

manufactured BMG, the as-cast BMG is overall harder (Fig. 5.9). It is notable that as increasing 

the energy input or re-melting the sample, the relaxation enthalpy decreases, indicating that the 

excessive heat and subsequent thermal treatment (re-melting) relaxes the structure of the SLM 

samples, which might account for the lower fracture stresses of the re-melted samples and 

samples produced at EV = 17.4 J/mm3 (section 5.4.1). 

 

Figure 5.10: Parts of the DSC curves of the as-cast and SLM samples focussing on the 

exothermic structural relaxation. The enlarged DSC curves of the SLM samples fabricated at 

the indicated energy inputs highlight the region in which the exothermic structural relaxation 

occurs. 

 

5.4.3 Nanoindentation 

Calorimetry provides only average information about the free volume content of BMGs and 

the spatial resolution of microhardness measurements is not sufficient to detect nanoscale 

structural heterogeneities. Therefore, complementary nanoindentation was carried out. Figs. 

5.11 (a) to (c) depict nanohardness contour maps of the longitudinal sections for SLM samples 

synthesized at different energy inputs to reveal the influence of the SLM processing conditions 

on the amorphous structure. The SLM sample produced at an energy input of EV = 14.3 J/mm3 

shows an average hardness value of 7.41 ± 0.18 GPa. Compared to that, the SLM sample with 

an input of EV = 17.4 J/mm3 is harder (7.46 ± 0.17 GPa). The hardness value further increases 

for the re-melted SLM sample up to 7.52 ± 0.21 GPa. Thus, SLM of Cu46Zr46Al8 powder at 
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increasing energy inputs results in the preparation of harder BMGs. As shown in the hardness 

maps (Figs. 5.11 (a) to (c)), the layer-like hardness distribution becomes more pronounced when 

selectively melted with increasing the energy input, since more relaxed glassy structures result.  

 

Figure 5.11: Nanohardness contour maps for the longitudinal section of the SLM samples 

synthesized at energy inputs of (a) EV = 14.3 J/mm3 (P = 99 W, v = 1000 mm/s, h = 180 µm, l 

=40 µm), (b)17.4 J/mm3 (P = 120 W, v = 1000 mm/s, h = 180 µm, l =40 µm), (c) re-melted (P1 

= 99 W, P2 = 120 W, v = 1000 mm/s, h = 180 µm, l =40 µm).  

 

In order to investigate the degree of structural heterogeneity of SLM samples as a function 

of the processing conditions, namely energy input, the hardness distribution of all additively 

manufactured BMGs was analysed. Fig. 5.12 shows the Weibull plot of the hardness values. 

Although no obvious heat-affected zone (HAZ) is visible in the hardness maps (Fig. 5.11 (c)), 

the re-melted SLM sample has a much lower Weibull modulus (m = 43.44 ± 0.98) than the 

samples synthesized with an energy input of 14.3 J/mm3 (m = 51 ± 0.93) and 17.4 J/mm3 (m = 

53.54 ± 0.95). The lower Weibull modulus reveals a more heterogeneous structure of the re-

melted SLM sample. Consequently, the additional heat caused by the re-melting process not 

only triggers crystallization and overall relaxes the structure of the additively manufactured 

BMGs, but also seems to relax it in a more heterogeneous manner. 
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Figure 5.12: Weibull plot of hardness values for the SLM samples. The Weibull modulus (m) 

is derived from the slope of the linear regression curve of ln[-ln(1-f)] over ln(H) and indicated 

by the dashed line. 
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CHAPTER 6 Summary  

The aim of the present thesis is to study the processing optimization, microstructure, physical 

and chemical properties of bulk metallic glasses (BMGs) and their composites produced via 

selective laser melting (SLM). The nearly fully dense BMGs and BMG matrix composites 

(BMGCs) were successfully prepared and the associated physical and chemical properties were 

systematically investigated.  

For the purpose mentioned above, the compositions of Zr52.5Cu17.9Ni14.6Al10Ti5 (at.%) and 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 (at.%) were used to produce additively manufactured BMGs. 

Fully glassy Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 samples with a high relative density from 98.5% - 

98.7%, good thermal stability and high compressive strength around 1700 MPa were obtained 

by selective laser melting. The processing maps indicate that no single process parameter has a 

linear effect on the relative density of the additively manufactured Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 

samples, which provides a new clue to study the process parameters. The microhardness results 

reveal that the macroscopic homogeneity of SLM samples is comparable to that of as-cast 

BMGs. Similar corrosion performance was obtained in the as-cast and SLM samples. Moreover, 

the SLM sample shows slightly better surface healing ability and reduced pitting corrosion 

susceptibility. 

The relative density of Zr52.5Cu17.9Ni14.6Al10Ti5 SLM sample reaches values above 98.7%.  

Compared to the yield strength of as-cast BMGs (about 1830 MPa), additively manufactured 

BMGs yield at lower stresses of about 1710 MPa. A detectable plastic strain (about 0.5%) after 

yielding was determined for all SLM specimens, which is still lower than for the as-cast glass 

of identical composition. The residual porosity in the SLM samples is believed to be responsible 

for the premature failure of the BMGs prepared by selective laser melting. Further 

investigations of the deformation mechanism of SLM samples reveal its structure to be 

homogeneous, also on an atomic length scale. Moreover, apparent pores play an important role 

for the formation and affect the propagation of shear bands. Nonetheless, the effect of these 

pores on the microhardness is negligible and the hardness values of the SLM samples and the 

as-cast samples hold similar distributions. Also the complex thermal history of the SLM 

samples, thus, has no evident influence on the microhardness. A similar wear performance for 

SLM and as-cast BMG specimens can be deduced from the time-dependent coefficients of 

friction, wear rates and surface morphologies after wear. In other words, SLM processing has 

no negative effect on these mechanical properties. Finally, the comparable anodic polarization 

curves and pitting behaviour of the SLM and as-cast samples suggest that they have a similar 
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corrosion resistance. The slightly improved surface healing ability and reduced pitting corrosion 

susceptibility is an advantage inherent in additively manufactured BMGs and could originate 

from a chemically more uniform glassy structure. Apart from the still limited plastic 

deformability, additively manufactured BMGs demonstrate mechanical properties and 

corrosion resistance very similar to as-cast BMGs. By means of the DSC measurements, 

nanoindention tests and thermal field simulation of Zr52.5Cu17.9Ni14.6Al10Ti5 and 

Ti47Cu38Zr7.5Fe2.5Sn2Si1Ag2 additively manufactured BMGs, the homogeneity of SLM BMGs 

were studied. The varied structural homogeneities of the SLM BMGs can be attributed to the 

different thermophysical properties and processing parameters. 

In order to further design the microstructure and illustrate the processability of additively 

manufacturing BMGCs, the ex-situ and in-situ methods were carried out to fabricate BMGCs 

via SLM.  

Glass matrix composites were produced by selective laser melting by processing a blend of 

glass-forming Zr52.5Cu17.9Ni14.6Al10Ti5 powder and Nb particles. Even without refining the 

process parameters, relative densities above 98% are possible. The formation of crystalline 

phases in the investigated specimens strongly depends on the Nb content in both SLM and as-

cast samples. Nb clearly reduces the glass-forming ability of the alloy system and stimulates 

the precipitation of brittle phases around the Nb particles. The larger the fraction of Nb particles, 

the more pronounced the diffusion of Nb into the matrix. This is why in the sample with 10 wt.% 

Nb a Nb-rich crystalline phase could be detected, which seems absent in the samples with 2 wt.% 

Nb. µ-CT measurements were used to analyse the size changes of the Nb particles after selective 

laser melting. This data was used to extract radial distribution functions in order to analyse the 

Nb particle distribution, which provided a gist to adjust the distance between particles by 

changing the amount of additional particles. It also provides a possibility to predict the 

propagation of the shear bands and calculate the activity space of the shear bands, thereby 

helping to design the material. According to the micro-hardness map, the homogeneity of the 

samples became worse after adding Nb particles. In addition, with the increase of Nb content, 

the range of microhardness became larger, implying that the crystalline volume fraction 

increased. Meanwhile, the brittle phases accelerated the propagation of shear bands and the 

generation of cracks, leading to a brittle fracture of the specimens. The current work outlines a 

possibility of producing BMG matrix composites by SLM. It also illustrates the selection of 

additional material plays an important role to a global ductile BMG-matrix composites. An ideal 

addition and optimized processing parameter should be discovered in further studies. Additive 

manufacturing of powder blends proves to be a powerful tool for designing BMG matrix 



CHAPTER 6 Summary 

134 

 

composites and this study highlights some of the pitfalls associated with this approach. 

Therefore, this work will help to facilitate the selection of future alloy systems and to optimize 

the properties of additively manufactured BMG matrix composites. It is, consequently, feasible 

to produce uniform BMG matrix composites with finely dispersed soft crystals. This work also 

reveals that in order to avoid the formation of unstable brittle phases, the additional materials 

which cannot react with the matrix should be selected carefully. If reactions between the 

additional element and the matrix occur in certain temperature. An optimal parameter should 

be found in order to avoid the reaction. The amount of additional element should also be taken 

in consideration because diffusion will impact the chemical homogeneity of the BMG matrix. 

In brief, the fraction of the suitable additional materials plays a very important role in processing 

BMG matrix composites by SLM. 

Cu46Zr46Al8 (at.%) bulk metallic glass and composites have been successfully fabricated via 

SLM. The nearly fully glassy SLM samples and additively manufactured BMGCs samples have 

a high relative density (over 98%). By optimizing the process parameters, the B2 CuZr phase 

can be partially and particularly deliberately crystallized. Consequently, SLM represents a new 

in-situ method of producing BMGCs. Next to B2 CuZr, the big cube phase formed when 

processing conditions with higher energy input are endeavoured. The glassy structure of 

additively manufactured BMGs was characterized in detail and compared to as-cast BMGs of 

the same composition. Additively manufactured BMGs vitrify at distinctly higher cooling rates 

than the as-cast material. Owing to the resulting higher free volume content trapped in SLM 

samples during vitrification, they are overall softer than the as-cast samples, as inferred from 

microindentation. Cross and longitudinal section were investigated for the as-cast and 

additively manufactured BMGs. In contrast to the as-cast BMG, the cross and longitudinal 

sections of SLM sample differ in overall hardness indicating a less uniform structure. Most 

likely, the extent of the heat-affected zone (HAZ) differs in cross and longitudinal sections. The 

additional heat from the new layer relaxed the previous solidified layers. With increasing the 

energy input, the relaxation becomes more obvious. However, the duration of relaxation is too 

short. The free volume trapped in the SLM sample is higher than the as-cast sample. The 

fracture strength of fully glassy SLM sample is about 1500 MPa, which is less than for the as-

cast BMGs (about 1900 MPa). Although the additively manufactured BMGCs consist B2 phase, 

which is usually considered to be beneficial for the mechanical properties, the strength of the 

additively manufactured BMGCs can only reach 1400 MPa. Next to crystals, also pores pose 

structural heterogeneities and latter are inherent to the structure of additively manufactured 

BMGs. Moreover, randomly distributed large pores act as stress concentrators during loading. 
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Thus, porosity is considered to be the main cause for the premature failure of additively 

manufactured BMGs and structural relaxation accounts for the decreased fracture stresses of 

additively manufactured BMGCs. Since SLM can vitrify and especially also partially vitrify 

small volumes of supercooled liquid (microscale) “layer-by-layer”, crystalline phase(s) are 

considered to distribute homogeneously in the glassy matrix.  

  



CHAPTER 7 Outlook 

136 

 

CHAPTER 7 Outlook 

The results shown in the present work reveal that SLM is a promising method for 

synthesizing BMGs and BMGCs. Even though the chemical and physical properties of 

additively manufactured BMGs and BMGCs can compare to the as-cast ones, more in-depth 

work needs to be done in the future in order to achieve the practical application of the additively 

manufactured BMGs and BMGCs. The further ideas, open questions and possible experiments 

are listed in the following: 

(i) Since the inherent porosity of additively manufactured BMGs and BMGCs induced the 

premature failure in the compression tests. The fatigue behaviour should be further studied for 

practical applications. 

(ii) To study the effect of thermal history from the “layer-by-layer” processing, the building 

direction can be changed to the angle of 30°, 45°, 60° and 90° with the substrate. By 

investigating the propagation of the shear bands in the compression tests, the thermal history 

can be revealed. 

(iii) By optimizing the processing parameters, the “layer by layer” structure composites can be 

produced. The effect of the structure on the deformation process of such additively 

manufactured BMGCs should be studied in depth. 

(iv) By the means of modifying the parameters, the particle size of crystals in additively 

manufactured BMGCs can be adjusted. The relation of crystal particle size and the mechanical 

properties of additively manufactured BMGCs needs to be studied.  

(v) Introduce a new addition, which cannot react with the BMG matrix. The distance between 

the secondary phases can be changed by altering the amount of the addition. The influence of 

the distance on the propagation and initiation of shear bands can be investigated. 
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