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Optimization of the Strength-Fracture Toughness Relation 
in Particulate-Reinforced Aluminum Composites via Control 
of the Matrix Microstructure 

I. DUTTA, F.N. QUILES, T.R. McNELLEY, and R. NAGARAJAN 

The evolution of the microstructure and mechanical properties of a 17.5 vol. pct SiC particulate­
reinforced aluminum alloy 6092-matrix composite has been studied as a function of postfabrication 
processing and heat treatment. It is demonstrated that, by the control of particulate distribution, matrix 
grain, and substructure and of the matrix precipitate state, the strength-toughness combination in the 
composite can be optimized over a wide range of properties, without resorting to unstable, underaged 
(UA) matrix microstructures, which are usually deemed necessary to produce a higher fracture tough­
ness than that displayed in the peak-aged condition. Further, it is demonstrated that, following an 
appropriate combination of thermomechanical processing and unconventional heat treatment, the 
composite may possess better stiffness, strength, and fracture toughness than a similar unreinforced 
alloy. In the high- and low-strength matrix microstructural conditions, the matrix grain and substruc­
ture were found to play a substantial role in determining fracture properties. However, in the inter­
mediate-strength regime, properties appeared to be optimizable by the utilization of heat treatments 
only. These observations are rationalized on the basis of current understanding of the grain size 
dependence of fracture toughness and the detailed microstructural features resulting from thermo­
mechanical treatments. 

I. INTRODUCTION 

D1scoNTINUOUSL Y reinforced aluminum (DRA) com­
posites are promising candidates for a number of aerospace 
and automotive applications, because they display signifi­
cantly higher stiffness-to-weight and strength-to-weight ra­
tios and possess better wear resistance and elevated­
temperature properties than unreinforced aluminum alloys. 
However, DRA composites typically have a low fracture 
toughness relative to unreinforced aluminum. It has recently 
become quite apparent that, unless the intrinsic fracture 
toughness of DRA can be systematically and predictably 
improved, its acceptance as a reliable structural material 
will not be forthcoming. 

Several detailed studies and reviews of the fracture be­
havior of DRA have been published during the last dec­
ade)'-121 A number of different microstructural variables, 
including the volume fraction,[4·9· 161 size,[41 shape,(1 4·15·161 and 
spatial distribution of the reinforcement phase,[2·9·13-181 as 
well as the details of the matrix microstructure[z.9.i 7- 2o1 and 
interface composition,[2-211 have been shown to play impor­
tant roles in determining the deformation and fracture be­
havior of DRA. 

Two different fracture mechanisms have been commonly 
observed in D RA in the absence of interfacial damage (e.g., 
References 9 and 19). In composites with matrices having 
high strength and a relatively low work hardening rate (e.g., 
in the artificially peak-aged condition), fracture is typically 
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dominated by the crack nucleation event, which occurs by 
particle cracking accompanied by a high degree of strain 
localization. In this case, particle cracking is rapidly fol­
lowed by final fracture. On the other hand, in composites 
with relatively soft matrices and a high work hardening rate 
(e.g., in the naturally aged condition), the extent of strain 
localization is limited, and significant tensile ductility may 
be obtained following the initial particle fracture events.l9 191 

In general, damage initiation is most likely to begin either 
by cracking of the larger particles[2.4·9 •19·22 J or by matrix mi­
crovoid nucleation and growth within clusters of small par­
ticles.l9·11l Preferential cracking of the larger particles is 
thought to be associated with the increased flaw density in 
large particles in conjunction with the increased local stress 
supported by large particles,PA-9.i

91 whereas matrix cracking 
within clusters is attributable to the presence of large hy­
drostatic tension between clustered particles.["-11 1 Addition­
ally, damage may initiate by facile nucleation ofmicrovoids 
at incoherent precipitates at particle-matrix interfaces, as 
observed in a Al-Zn-Mg-matrix DRA with an overaged 
(OA) matrixYl Indeed, comparison of the fracture behavior 
of DRA with underaged (UA) and OA matrices in identical 
hardness states has shown that both crack initiation and 
propagation fracture toughnesses are greater in the UA ma­
trix, with the fracture process being dominated by particle 
fracture in the UA state and by near-interface fracture in 
the OA state.l6l 

It is clear from the previous paragraphs that, for a given 
particulate volume fraction and shape, the two parameters 
which have the greatest influence on both the microme­
chanisms of, and the resistance to, fracture in DRA are (1) 
the particulate spatial distribution and (2) the matrix micro­
structural condition. It is generally appreciated that in­
creased uniformity in particulate spatial distribution is 
beneficial to the overall fracture properties, and that this 
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Table I. Nominal Composition of Aluminum Alloy 6092 

Element 

Silicon 
Magnesium 
Copper 
Manganese 
Chromium 
Zinc 
Titanium 
lron 
Oxygen 
Others, each 
Others, total 
Aluminum 

Weight Percent 

0.40 to 0.80 
0.80 to 1.20 
0.70 to 1.00 
0.15 max. 
0.15 max. 
0.25 max. 
0.15 max. 
0.70 max. 

0.05 to 0.50 
0.05 max . 
0.15 max. 
remainder 

Table Il. Sample Nomenclature and Processing Conditions 

Total 
True Strain Extrusion 

Nomenclature Strain Rate (s- 1) Temperature (0 C) 

PSN 5.67 5.6 400 
Non-PSN 5.67 0.6 400 
Intermediate 5.67 5.6 450 

may be achieved via appropriate postfabrication deforma­
tion processes (e.g., References 13, 18, and 21). However, 
previous work has shown that the true strains required to 
eliminate the obvious microstructural artifacts of inhomo­
geneity in particle distribution, such as clustering/banding 
of particles (which are highly detrimental to the fracture 
properties, as mentioned previously) are usually very large 
(- 4 to 5).1231 This poses a practical limit to the extent of 
property improvement achievable via particle redistribution 
alone, necessitating the development of systematic ap­
proaches to exploit the matrix in order to optimize properties. 
Precise and innovative control of matrix microstructure in 
the quest for higher fracture toughness in DRA materials is 
particularly important, since it is clear from published data 
(e.g., References 2 and 7) that conventional aging treat­
ments are unable to produce toughness levels superior to 
those obtained in the -T6 condition while producing a stable 
microstructure (although underaging enhances toughness at 
the expense of strength, it does so by producing an unstable 
microstructure which naturally age-hardens during service). 
Therefore, it appears that only by clever design of ( 1) the 
matrix microstructure (including grain, subgrain, and dis­
location structures) and (2) the precipitate state, via a com­
bination of post-fabrication processing and unconventional 
heat treatments, may one be able to further optimize the 
strength-toughness relation in DRA. However, the role of 
matrix microstructure, particularly with regard to the 
grain/substructure and unconventional precipitate states, on 
the overall fracture behavior of DRA is unclear at present. 

Although it is well known that the microstructural scale 
can have a significant impact on the fracture behavior of 
metallic alloys (e.g., References 24 through 28), refinement 
of the matrix grain/substructure as a mechanism for im­
proving the fracture toughness of DRA had not been in­
vestigated systematically until recently.l2°l ln that study,[2o1 

the mechanism of particle-stimulated nucleation (PSN) of 
recrystallization was utilized to refine the matrix grain 
structure via deformation processing, and it was demon-
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strated that significant improvements in the fracture tough­
ness of ORA may be obtained via control of the matrix 
microstructure. The phenomeon of PSN of recrystallization 
during thermomechanical processing (TMP) of particle­
containing Al alloys was first reported by Humphreys[291 

and has since been verified to occur during TMP of 
DRA.fl 8·30-321 If the temperature is low enough to minimize 
recovery effects during TMP, then the straining will result 
in the development of local lattice rotations within the de­
formation zones surrounding large reinforcement parti­
clesY9-.ii.33341 Stable recrystallization nuclei may then form 
within such defomrntion zones and grow if sufficient strain 
energy has been imparted by processing. For a given strain, 
strain rate, and temperature, deformation zones increase in 
size as particle size increases and, therefore, larger particles 
are more efficient at stimulating nucleation, although the 
resulting grain size may be larger.r291 Particle-stimulated nu­
cleation of recystallization has been successfully utilized to 
refine matrix grain structures in a number of DRA com­
posites,[' 8·20·3''--321 although the impact of such refinement on 
fracture toughness has not been studied in detail. 

This article presents the results of experiments designed 
to tailor the strength-fracture toughness relationship in 
DRA by postfabrication TMP. Particular emphasis has been 
placed on ascertaining the roles of (1) matrix microstruc­
ture, including grain and subgrain structures, and (2) pre­
cipitate states, produced by unconventional heat treatments, 
on the observed properties and the mechanisms of damage 
initiation and propagation. 

II. EXPERIMENT AL 

The material used in the present experiments was a pow­
der metallurgically (PIM) processed aluminum alloy 6092, 
reinforced with 17.5 vol. pct SiC particulates with a mean 
particle size of 7 µ.m, fabricated by DW A Composites 
(Chatsworth, CA). The nominal elemental composition of 
the 6092 Al alloy is given in Table J.(351 The as-consolidated 
composite billet, which had a diameter of 0.4826 m, was 
subsequently extruded to a true strain of 3.38 at 500 °C, 
producing a billet of 0.0889 m in diameter. Following this 
initial extrusion, the billet was trimmed to a diameter of 
0.0762 m and then extruded through streamlined dies under 
three different conditions to produce billets with rectangular 
cross sections of0.0377 X 0.0123 m, yielding an additional 
true strain of 2.29 (total true strain of 5.67 following pow­
der consolidation). The three processing conditions were 
carefully selected based on the theory of PSN,[29

•
321 such that 

one corresponded to a regime where PSN is likely to occur 
(strain rate f, = 5.6/s, T = 400 °C), the second corre­
sponded to a regime where PSN is not expected (strain rate 
£ = 0.6/s, T = 400 °C), and the third represented conditions 
intermediate between the PSN and nonPSN states (strain 
rate f, = 5.6/s, T = 450 °C). The processing conditions for 
the three states are listed in Table ll and have been desig­
nated as the PSN, nonPSN, and intermediate states, respec­
tively. These conditions were arrived at by determining the 
critical strain rate (£er) necessary to result in PSN at the 
given temperature, for the given alloy and particle size, 
based on the approach of Reference 30, and ensuring that 
£ > £c, for the PSN case, £ < Ee, for the nonPSN case, and 
£ - £c, for the intermediate case. 
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Table Ill. 

Designation 

-T6 
-T4 
-450 
-450-170 
-480-170 
-560-450 
-560-450-170 

Heat-Treatment Designations and Conditions 

Solution 
Treatment 

560 °C, 1.5 h 
560 °C, 1.5 h 
450 °C, 20 min 
450 °C, 20 min 
480 °C, 20 min 
560 °C, 1.5 h 
560 °C, 1.5 h 

Heat-Treatment Conditions 

170 °(, 8 h 
natural aging, 9 months 
none 
170 °C, 8 h 
170 °C, 8 h 
450 °C, 20 min 
step 1: 450 °C, 20 min, 

water quench 
step 2: 170 °C, Sh 

Fig. I- Distribution of SiC,. in the experimental composite after initial 
extrusion to a true strain of 3.38. 

Fig. 2- Distribution of SiCP in the composite processed in the PSN regime 
(e = 5.6/s, T = 400 °C) after final extrusion to a total true strain of 5.67. 

Following extrusion, the billets were either solution 
treated at 560 °C, or subsolvus annealed at 480 °C or 450 
°C for 20 minutes, and water quenched. Each of these treat­
ment had a twofold purpose: ( 1) to completely recrystallize 
the as-extruded billet and (2) to dissolve all or part of the 
existing matrix precipitates into the so lid solution. Subse­
quently, samples of the compo ite were subjected to a num­
ber of different heat treatments, including artificial aging at 
170 °C for 8 hours and natural aging for 9 months . Some 
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of the completely solutionized samples were also subjected 
to a double aging treatment consisting of a I 0-minute soak 
at 450 °C to precipitate some coarse, incoherent {3 (Mg2Si) 
particles, followed by water quenching and subsequent ag­
ing for 8 hours at 170 °C in order to produce a fine dis­
perison of {3" /{3' hardening precipitates. The various 
heat-treatment conditions and their designations are swn­
marized in Table III. 

Samples of the heat-treated composites were then tested 
in tension and mode I fracture with the extrusion direction 
as the loading axis. Tension tests were conducted on flat 
dog bone- shaped specimens with a gage length of 0.0254 
m, and fracture toughness tests were conducted using com­
pact tension (CT) specimens in compliance with either 
ASTM standard E-399-83, for determining K1c (unstable 
fracture) , or standard E-813-89, for determining l 1c (stable 
fracture). The J,c data were subsequently converted into 
equivalent K1c values using the formula K, 
Vl ,cEl(l - v)2, where E and v are the Young's modulus 
and Poisson 's ratio of the DRA, respectively. For cases ex­
hibiting stable fracture , the tearing modulus (T = 
(£/G',./)d.J/da), representing the crack propagation fracture 
toughness, was also calculated after fitting the J vs crack 
length (a) data with a straight line, in accordance with 
ASTM standard E-813-83. All the CT specimens had a 
nominal acJW value of 0.54 and had a thickness of either 
0.0075 or 0.010 m. 

Following mechanical testing, the composite samples 
were inspected using an optical microscope, scanning elec­
tron microscope (SEM), and transmission electron micro­
scope (TEM). The TEM sample preparation method was 
imilar to those reported elsewhere (e.g., Reference 36). 

Following preparation of the TEM samples, they were ob­
served in a TOPCON 0028 TEM at an accelerating voltage 
of 200 kV. 

The matrix precipitation behavior in some of the com­
posite samples was also studied by a differential scanning 
calorimeter (DSC). For these experiments, 0.0015-m-thick 
disks of 0.0055-m diameter were electrodischarge ma­
chined from the as-processed billets, appropriately heat 
treated, and then scanned in a Perkin-Elmer Series 7 DSC 
at 10 K/min, from 300 to 833 K, in flowing nitrogen. Fur­
ther procedural details of the calorimetric experiment are 
identical to those repo1ted in Reference 36. 

III. RESULTS 

A. Effect of Thermomechanica/ Process Conditions 

The optical micrograph in Figure I shows the distribu­
tion of SiCp in the composite matrix following the first 
extrusion step (true strain of 3.38). It is apparent that, de­
spite the large process strain, some localized inhomogene­
ities in particulate di stribution still remain in the micro­
structure. Figures 2 and 3 show the particulate distribution 
following the final extrusion step (true strain of 5.67) in the 
PSN and non-PSN regimes, respectively. By comparing 
Figures 2 and 3 with Figure I, it is clear that the additional 
extrusion strain of2.29 (beyond 3.38) results in appreciable 
further homogenization of the particulate distribution. How­
ever, the absence of any discernible difference between Fig­
ures 2 and 3 suggests that the particulate distribution is 
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Fig. 3- Distribution of SiCP in the composite processed in the non-PSN 
regime (£ = 0.6/s, T= 400 °C) after final extrusion to a total true strain 
of 5.67. 

influenced primarily by the total process strain, with little 
apparent dependence on the processing route. 

Despite the lack of any significant difference among the 
particle distributions in the composites extruded under the 
PSN, non-PSN, and intermediate states, the matrix micro­
structural details under these conditions were found to be 
quite different. Figures 4 through 6 show TEM micrographs 
of the three extruded materials (PSN, non-PSN, and inter­
mediate states, respectively) following solution treatment at 
560 °C. Figure 4(a) shows the typical microstructural ap­
pearance in the vicinity of two SiC particles for the sample 
processed under PSN conditions. Near particulates, the ma­
trix grain size appeared to range from 2 to 4 µ.m, which is 
significantly smaller than the average SiC particle size (7 
µm). The misorientation between adjacent grains was de­
termined from the translation of the Kikuchi line center 
from the 000 spot in the [001] selected-area diffraction pat­
tern (SADP) of adjacent grains, as well as the relative ro­
tation of the Kikuchi patterns from these grains. This 
procedure, while not suitable for describing the grain­
boundary character unambiguously, yields the tilt and ro­
tation reorientations of adjacent grains relative to the [001] 
axis and is, therefore, suitable for comparing the relative 
misorientations of various boundaries. The approach is il­
lustrated for one boundary in Figures 4(b) and (c), which 
show SADPs containing both spot and Kikuchi patterns 
from two adjacent grains in the material processed in the 
PSN regime. The translation of the Kikuchi line center from 
the 000 spot in Figure 4(c) corresponds to a relative incli­
nation of 9.96 deg between the [001] plane normals of the 
two grains across the boundary, while the rotation of the 
pattern determined from comparison of the patterns in Fig­
ures 4(b) and ( c) corresponds to an additional lattice reo­
rientation of 20 deg. Most of the boundaries studied in the 
PSN material resulted in translations and rotations corre­
sponding to lattice reorientations of 6 to 12 deg and -10 
to 20 deg, respectively. No dislocation structure could be 
resolved within such boundaries, which is consistent with 
the formation of high-angle boundaries during recrystalli­
zation. However, some low-angle boundaries with clearly 
discernable dislocation networks and unrecovered disloca-
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tions were also observed, as shown in Figure 4(d). In gen­
eral, Kikuchi pattern translations suggested misorientations 
for such boundaries of 0.5 to 1 deg. In regions away from 
large SiC particles, somewhat larger grains, stabilized by 
small (0.1 to 0.2 µ.m) SiC particles which were deliberately 
added for this purpose,1371 were observed, as shown in Fig­
ure 4(c). 

Figures 5(a) through (c) show bright-field TEM micro­
graphs of the composite processed in the nonPSN regime. 
A significantly larger grain size of 6 to 10 µ.m, which is 
on the order of the interparticle spacing, is observed (Figure 
5(a)). Characterization of the boundaries close to large SiC 
particles revealed pattern translations and rotations corre­
sponding to lattice reorientations ranging from 8 to 14 deg 
and 10 to 20 deg, respectively. Thus, the apparent character 
of the boundaries close to large SiC particles is similar to 
that obtained by processing in the PSN regime, although 
the grain size in the non-PSN regime is larger. A close 
inspection of Figure 5(a) reveals several straight line-like 
features within the grain (indicated with arrows), which 
may be interpreted as surface slip steps, possibly produced 
by planar slip of screw dislocations in the TEM foil. Such 
slip lines have been noted in aluminum earlierl3 ~1 and are 
thought to be associated with the glide of several parallel 
coplanar dislocations with identical Burgers vectors. In­
deed, a number of instances of planar dislocation arrays 
were observed in the non-PSN material in regions away 
from SiCp, as observed in Figure 5(b). This seems to sug­
gest that in this material a limited number of slip systems 
are active, and when the mobile dislocations encounter a 
barrier, they pile up rather than cross-slip to other systems. 

Figure 6(a) shows a bright-field TEM image of the ma­
terial processed in the intermediate regime. The matrix next 
to the SiC particles is observed to be recovered into sub­
grains 2 to 5 µm in size, with clearly resolvable dislocation 
structures apparent within the subgrain boundaries. Figures 
6(b) and (c) show two [001] SADPs from adjacent sub­
grains, illustrating the low-angle character of the boundaries 
for this processing condition; for this example, the pattern 
translation corresponds to a misorientation of 1.04 deg, 
with no additional contribution from pattern rotation. It 
was, thus, apparent that processing in the intermediate re­
gime resulted in a recovered matrix microstructure with lit­
tle or no recrystallization. However, the subgrain size in 
this case was found to be roughly similar to the grain size 
in the PSN state. 

Figure 7 shows a plot of K/C vs yield strength ( u,,) for 
the composite in the -T6 condition after the initital extru­
sion step (E = 3.38) and following final processing (E = 
5.67) in the PSN, non-PSN, and intermediate regimes. For 
reference, data for a 15 vol. pct Al20 3 particulate-reinforced 
6061 Al composite, as a function of aging at 177 °C (from 
Reference 7), are also plotted in Figure 7. lt is observed 
that, with increasing extrusion strain in the non-PSN regime 
(3.38 to 5.67), both strength and fracture toughness im­
prove, this being attributable to increased uniformity of par­
ticle distribution with increasing process strain. It is also 
observed that processing to the same overall strain (E = 
5.67) in the intermediate regime results in an additional 
improvement in the strength-toughness combination over 
that for the non-PSN state, whereas processing in the PSN 
regime yields an even greater improvement. Since, as dis-
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(a) 

(c) 

(e) 

cussed earlier in association with Figures 2 and 3, there is 
little discernible difference in the particulate distributions 
resulting from extrusion to the same total strain in different 
process regimes, any difference between the properties of 
the PSN, non-PSN, and intennediate states must be trace­
able to differences in the matrix microstructure (i.e., grain 
size and substructure). 

METALLURGICAL AND MATERIALS TRA'iSACTIONS A 

(b) 

(d) 

Fig. 4--(a) Bright-field TEM micrograph showing the typical matrix grain 
structure of the composite processed in the PSN regime in a region close 
to SiC". The grain size in such regions was - 2 to 4 µm. (b) SADP from 
one of the grains in (a), with (B) = (Z) = [001]. The [001] spot pattern 
is obfuscated by the iutensity of the Kikuchi pattern. (c) SADP from an 
adjacent grain with the same sample orientation as in (b), showing that 
the [001) zone axis is inclined to (B) by 9.96 deg. The SADP from grain 
2 is also observed to be rotated about (Z) = [00 I] by 20 deg relative to 
the SADP from grain I. (d) A different region of the same sample 
showing low angle grain boundaries with clearly resolvable dislocation 
structures. These were typically observed in regions away from SiCp. (e) 
A micrograph showing evidence of grain size stabilization by fine SiCp 
(0.1 to 0.2 µm). Some of the SiCp are indicated by arrows. 

Figure 7 also shows the data for a monolithic aluminum 
alloy 6061 in the -T6 condition. It is noted that, in follow­
ing processing to a true strain of 5.67 in the PSN regime, 
the 6092 Al-SiCp ORA is nearly as toggh as the unrein­
forced 6061 Al (KIC of 27 vs 29 MPaVm) while being 63 
pct stronger (a,, = 450 vs 276 MPa) and 47 pct stiffer(£ 

103 vs 70 GPa) than the unreinforced alloy in an equiv-
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(a) 

(b) 

Fig. 5-{a) Bright-field TEM micrograph of the composite processed in 
the non-PSN regime, showing a larger grain size (- 8 µm) than in the 
PSN condition. Several planar slip traces, ind icated by arrows, are also 
observed. (b) A higher magnification micrograph of the non-PSN material 
showing a planar dislocation array. A number of instances of such arrays 
were observed in this material. 

a lent aging condition (-T6 ). It is to be noted that the alloy 
designations 6061 and 6092 refer to similar compositions, 
with the exception that 6092 has a higher allowable Cu 
concentration range (0. 7 to 1.0 pct in alloy 6092 vs 0.15 to 
0.4 pct for alloy 6061 ). The additional Cu in alloy 6092 
does not contribute to precipitation hardening, but serves 
as a grain refiner. This, in conjunction with the additional 
grain refinement resulting from the submicron-sized SiCp 
added to the present DRA, results in the higher observed 
strength levels relative to the 6061 Al-matrix composite of 
Reference 7. It is also noteworthy that the Al20 3,,-606 l Al 
ORA of Reference 7 was processed to a total true strain of 
only 2.87 starting from the as-cast state and is, therefore, 
expected to have a relatively less homogeneous particulate 
distribution than the material of the present study. This 
would have resulted in a greater degree of strain localiza­
tion during deformation, accounting for the significantly re­
duced strength and toughness levels observed in Reference 
7 as compared to the present material. 
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The data from Reference 7, plotted in Figure 7, suggest 
that the only way to increase the fracture toughness of the 
DRA beyond that available in the peak-aged (-T6) condi­
tion is to leave the matrix in an UA state. However, this 
would result in continuous evolution of the microstructure 
(and, hence, properties) during subsequent service and is, 
therefore, unacceptable. Thus, although processing to large 
strains in the PSN regime followed by peak aging, as out­
lined previously, yields desirable results, further increase in 
the intrinsic fracture toughness is not feasible using con­
ventional heat treatments. Therefore, the effect of a sub­
solv•1s solution anneal (SA), comprised of 20 minutes at 
450 °C followed by water quenching after extrusion, was 
studied. During this subsolvus SA, PSN of recrystallization 
occurs in the presence of coarse f3 particles, which are en­
visioned to provide Zener drag on the migrating recrystal­
lized grain boundaries, thereby limiting grain growth. 
Subsolvus solutionization also allows control of the amount 
of solute in solution and, therefore, of composite strength. 
Finally, following subsolvus solutionization, the SA micro­
structure is expected not to be conducive to Guinier-Preston 
(GP) zone formation and should, therefore, be minimally 
susceptible to natural aging. 

Figure 8 shows a bright-field TEM micrograph of the 
matrix region of the sample extruded under PSN conditions, 
followed by solution annealing for 20 minutes at 450 °C. 
As expected, the microstructure reveals relatively coarse in­
coherent f3 particles within the grains, with additional f3 
particles clearly visible at the grain boundaries. The matrix 
grain size of this material was found to be similar to that 
of the fully solutionized sample following processing in the 
PSN regime (2 to 4 µ.m), and the grain boundary misori­
entations were also found to be similar. A rough calculation 
based on the Zener drag model shows that 20-nm-sized 
incoherent particles should stabilize a grain size of about 
2.5 µ.m, which is in the range of grain sizes observed in 
the material. This suggests that the f3 particles indeed exert 
a pinning effect on boundary migration during recrystalli­
zation. Thus, the primary effects of the 450 °C SA treatment 
are ( 1) to limit grain growth and (2) to deplete the matrix 
of dissolved solute and, thereby, to reduce its strength. An 
interesting point to note in this material was the near-ab­
sence of interfacial precipitates, as has often been observed 
in OA microstructures (e.g. , References 2 and 36). 

Figure 9 shows the force vs crack opening displacement 
plots for the composite processed in the PSN regime, fol­
lowing the -T6 and SA treatments. In the -T6 condition, 
the material displays unstable crack propagation, whereas 
in the SA condition, it shows slow, stable crack extension. 
The crack initiation fracture toughness (J1c) was determined 
to be 13 kJ/m2, which is equivalent to a J1c of 38 
MPa\/m. This is plotted in Figure 7, along with the corre­
sponding er., value. It is clear that a substantial increase in 
the intrinsic fracture toughness is associated with the SA 
treatment, albeit accompanied by a large drop in er, " Fur­
ther, the crack propagation fracture toughness of the SA 
material, represented by the tearing modulus T, was deter­
mined to be 31, which is nearly one of magnitude larger 
than those reported previously for ORA materials in con­
ventionally heat-treated conditions.f"l 

Figures I 0 through 12 provide insight into the roles of 
extrusion and heat-treatment conditions on the fracture 
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(a) 

(c) 

mechanisms in the experimental ORA. Figures lO(a) and 
(b) show SEM fractographs of the ORA after tension test­
ing, following processing in the PSN and nonPSN regimes, 
respectively. Both samples were fully solution treated and 
artificially aged (-T6 treatment) prior to testing. In both 
cases, evidence of widespread particle fracture is observed, 
suggesting that crack initiation occurs by void nucleation 
at cracked particles and is followed by fracture of the ma­
trix. Although both samples show generally ductile fracture 
characteristics, the details of matrix fracture are signifi­
cantly different. Following processing in the PSN regime, 
the matrix between fractured particles fails almost entirely 
by microvoid nucleation and coalescence. After processing 
in the non-PSN regime, however, significant evidence of 
quasi-cleavage faceting is observed, in addition to ductile 
dimples. This difference in the matrix fracture mechanism, 
which is responsible for the difference between the ob­
served fracture toughnesses of the two states, should be 
attributable to the difference in the matrix grain and dis­
location structure, since the particulate distribution and the 
matrix precipitate structure in both samples were very sim­
ilar and will be discussed later. 

Figures I !(a) and (b) show optical micrographs of the 
crack-tip region of sectioned CT specimens of the compos­
ite processed in the PSN regime in the -T6 and 450 °C SA 
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(b) 

Fig. 6---{a) Bright-field TEM micrograph of the composite processed in 
the intem1ediate regime, showing a fine subgrain structure. A majority of 
the boundaries in this condition had resolvable dislocation structures, 
indicating a recovered microstructure. (b) SADP from one of the subgrains 
in (a), with (B) = (Z) = [001). (c)SADP from an adjacent subgraio with 
identical sample orientation as in (b ), showing that the [00 I) zone axis is 
inclined to (B) by l.04 deg. Comparison of this SADP with that in (b) 
reveals no rotation about [001). 

conditions, respectively. Figures I 2(a) and (b) show SEM 
fractographs of the same two samples following separation 
of the two halves of fractured CT specimens. As observed 
in Figure 1 l(a), in the -T6 specimen, damage is observed 
to accumulate significantly ahead of the primary crack front 
by cracking of large particles and particle/matrix fracture 
within clusters of small particles. Figure 12(a) reveals frac­
tured particles within the majority of large dimples on the 
fracture surface in the -T6 sample, suggesting that crack 
propagation occurs by fracture of particles followed by duc­
tile fracture of the adjoining matrix. In the 450 °C SA sam­
ple, however, no damage is observed ahead of the primary 
crack front (Figure 11 (b) ). Although some particle cracking 
is still observed both in the fracture profile (Figure l l(b)) 
and in the fractograph (Figure I 2(b)), it is clear from Figure 
12(b) that the majority of the microvoids (dimples) do not 
contain cracked particles. Further, it is noted that the mi­
crovoids in Figure 12(b) are significantly larger and deeper 
than those in Figure 11 (b ), accounting for the large differ­
ence in strength and toughness observed in Figure 7. It is, 
thus, clear that, in the hard condition (-T6 treatment), the 
fracture of the present DRA is particle controlled, whereas 
in the soft condition (SA treatment) it is predominantly ma­
trix controlled. 
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Fig. 7-Plot of fracture toughness vs yield strength data for SiCp-6092 
Al composite in various conditions and a monolithic 6061 Al in the -T6 
condition. For comparison, data for an Al,03-6061 Al composite as a 
function of artificial aging at l 77 °0'1 are also shown. ST, UA, and OA 
represent the solution-treated, underaged, and overaged conditions, 
respectively. 

Fig. 8-Bright-field TEM micrograph of the matrix of the material 
proces ed in the PSN regime, followed by sub olvus solution annealing 
at 450 °C for 20 min (450 °C SA). Several 25- to 30-nm-sized incoherent 
f3 precipitates are observed within the grain, as well as at the grain 
boundary. 

B. Effect of Heat Treatment/Aging Conditions 

The above data clearly demonstrate that ORA composites 
are not inherently brittle and. when appropri ately processed, 
can yield a stable microstructura l conditi on which is soft 
and highly tough. This suggests that, by a suitable combi­
nation of processing and heat-treatment steps, it should be 
possible to produce an array of conditions ranging from 
hard and bri tt le (-T6 condition) to soft and tough (SA con-
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T6 condition. the material shows brittle behavior, whereas after the 
subsolvus anneal. it is very tough and shows slow, stable crack extension. 

(a) 

(b) 

Fig. I 0--SEM fractographs of the composite after tension testing, 
fo llowing processing in (a) the PSN regime and (b) the non-PS regime, 
and heat treatment to the -T6 condition. Both the PSN and non-PSN states 
show particle fracture. but the matrix in the PS state shows ductile 
dimpling, whereas the matrix in the non-PSN state shows quasi-cleavage 
in conjunction with ductile fracture. 

dition), thereby enabling optimi zation of the strength­
toughness combination in ORA. 

Figure 13 shows DSC scans of the ORA after (I) fu ll 
so lution treatment at 560 °C, ( 2 ) SA at 450 °C, and (3 ) 
isothermal aging at 170 °C fo r 8 hours following a 450 °C 
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(a) 

(b) 

Fig. I I-Optical micrographs of the crack tip region of sectioned compact 
tension specimens of the PSN material, heat treated to the (a) -T6 and (b) 
450 °C SA conditions. In the -T6 condition, damage is observed to occur 
ahead of the crack tip via fracture of large or clustered particles. 

SA treatment. The various exotherms associated with the 
DSC thermogram of precipitation-hardenable Al-Mg-Si 
(6.xxx series Al) alloys were characterized in detail ear­
lierl39.4o1 and are indicated in Figure 13. It is apparent that 
the 450 °C SA treatment suppresses vacancy-Si clustering 
during the DSC scan, possibly because of the reduced levels 
of quenched-in vacancies and excess free solutes in this 
condition as compared to the fully solution-treated condi­
tion. This results in the disappearance of the GP-I zone 
precipitates in this condition, thereby reducing its propen­
sity toward natural aging. Despite the substantially reduced 
levels of solute concentration in the SA condition, however, 
it is observed that the volume fraction of precipitates ob­
tainable during a subsequent DSC scan (or aging treatment) 
is still considerable. Isothermal aging at 170 °C is observed 
to precipitate all possible /3", as well as a significant 
amount of {3', thereby allowing appreciable futher harden­
ing following the SA treatment. Based on the this, it seems 
possible to design aging treatments following a subsolvus 
anneal with the aim of optimizing the strength-toughness 
relation in DRA. 

Figure 14 plots the K,c vs yield strength data for the 
experimental DRA, under various heat-treatment condi­
tions, for each of the three process conditions (PSN, non­
PSN, and intermediate). All the samples tested had total 
true extrusion strains of 5.67 and, therefore, as discussed 
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(a) 

(b) 

Fig. 12-SEM fractographs of the PSN composite, heat treated to the (a) 
-T6 and (b) 450 cc SA conditions. The fracture surface of the -T6 sample 
is characterized by numerous fractured SiC particles and dimples 
associated with ductile matrix failure. ln the 450 cc SA condition, there 
is little evidence of particle fracture, and the matrix dimples are larger 
and deeper, suggestive of the increased toughness of the material. 
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earlier, the differences in the strength-fracture toughness 
combinations in Figure 14 are entirely attributable to dif­
ferences in the matrix microstructure. Data for a peak-aged 
(-T6 condition) monolithic 6061 Al alloy are also plotted 
in Figure 14. Each point in the that plot is based on the 
results of two fracture toughness tests and one tensile test. 

Three features of Figure 14 are of interest. First, the data 
demonstrate that it is possible to produce a series of stable 
microstructural conditions ranging in strength-toughness 
combinations between the soft (and tough) 450 °C SA con­
dition and the strong (and relatively brittle) -T6 condition. 
Second, it is clear from a comparison of the data for the 
composite with those for monolithic 6061 Al that it is pos­
sible to produce ORA with better strength and toughness 
than the monolith, while obtaining a significant stiffness 
advantage. And finally, it is apparent that, while the extru­
sion condition has some effect on the strength-toughness 
combination of DRA at the extremes of strength levels, in 
the middle range, the properties of the composite are de­
pendent primarily on the heat-treatment condition (i.e., ma­
trix precipitate structure) with no perceptible effect on the 
process condition. At the high- and low-strength ends (the 
-T6 and 450 °C SA conditions), processing in the PSN re­
gime improves the toughness relative to the non-PSN state, 
as di scussed earlier. The intermediate state produces a 
toughness close to that of the PSN state in the -T6 condi­
tion, but near that of the non-PSN state in the SA condition. 
In the intermediate-strength range, the PSN, the non-PSN, 
and the intermediate states produce strength-toughness 
combinations which are very close to each other. This sug­
gests that the properties of DRA (at least, those with a 6xxx 
Al matrix) may be largely optimized by heat treatment only, 
except at the high-strength end, where it is beneficial to 
process the composite in the PSN regime. 

IV. DISCUSSION 

The first reference to the effect of grain size on fracture 
stress was by Petch,[4 t.42

1 who noted that the fracture 
strength (0'1) should increase with decreasing grain size. 
Later, Heslop and Petchr431 showed that the ductile-to-brittle 
transition temperature in steels decreased systematically 
with decreasing grain size, suggesting that the toughness 
increases with grain refinement. However, there is still 
some controversy about the impact of grain size on fracture 
toughness, as denoted by the energy required to propagate 
a crack ( G", the critical energy release rate, or K,., the crit­
ical stress intensity factor), particularly in the case of duc­
tile fracture. Based on the Bilby-Cottrell-Swinden (BCS) 
model of the crack-tip plastic zone,[441 the fracture tough­
ness Ge = 40'0r/ 7rµ, where CT0 is the flow stress, r, is the 
plastic zone size, and µ is the shear modulus. As suggested 
by Li and Li,(281 a range of grain size (d) dependencies of 
Ge may be inferred from the previous relationship, depend­
ing on the specific assumption made. This ranges from G" 
x d- 1 (i.e .. K" x d- t12), when'~ is independent of the grain 
size (r,. > d), to G" (and K.) being independent of d when 
r , IX a/ (r, << d). Indeed, as noted by Li and Li, experi­
mental dataP3 261 generally agree with the relation K,. x d- 1;2, 

although an increase in fracture toughness with increasing 
grain size has been noted when d > r)28

·
45 l Analytic for­

malisms developed by Li and Li for crack-tip dislocation 
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distributions indicate that the fracture toughness depends 
not only on the grain size (i.e., crack tip-to-barrier dis­
tance), but also on the relative magnitudes oflattice friction 
and grain-boundary strength. For grain-boundary strength 
>> lattice friction, they[m suggested a reciprocal square­
root grain-size dependence of Cc (i.e., K, x d- t14 ). When 
grain-boundary strength - lattice friction , G, (and K,) can 
be deduced to be independent of d based on their analysis. 
In the previous discussion, the grain-boundary strength is 
defined as the critical grain-boundary stress concentration 
required to punch dislocations into the adjacent grain and 
may, therefore, be expected to depend on the grain-bound­
ary misorientation. Based on this, it may be surmised that, 
depending on the type of grain boundaries present, the frac­
ture toughness may either be independent of grain size or 
may have a small but significant dependence on the grain 
size. 

Although the statistics of grain size measurement in the 
TEM are difficult to assess, careful comparison of matrix 
regions with qualitatively similar particulate distributions in 
the three extrusion conditions (designated as PSN, non­
PSN, and intermediate) suggest that different process con­
ditions produce significant differences in both matrix grain 
size and substructure. Because of the high strain rate and 
relatively low extrusion temperature used in the PSN re­
gime (5.6/s and 400 °C, respectively), relatively little dif­
fusional strain relaxation (climb-controlled recovery) 
occured during extrusion, resulting in the storage of sub­
stantial strain energy to cause PSN of recrystallization dur­
ing subsequent heat treatment. This process, as the results 
show, produces small grains next to the particles, with high­
angle boundaries having both tilt and twist misorientations. 
A way from particles, where the plastic strains induced dur­
ing processing are lower, some recovered structures were 
also observed. In the non-PSN regime, the low strain rate 
(0.6/s) allows some recovery next to particles despite the 
low processing temperature ( 400 °C), resulting in little PSN 
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of recrystallization and, consequently, a larger grain size. 
In the intermediate regime, the high temperature (450 °C ) 
allows substantial recovery processes to be active despite 
the high strain rate and is evidenced by the presence of fine 
subgrains with low-angle boundaries and dislocation sub­
structures everywhere in the matrix. 

In a recovered structure with primarily low-angle grain 
boundaries, the grain-boundary strength ( -r:~h) is expected to 
be close to the lattice friction ( T1), * and, therefore, such a 

*Here, the term T1 is considered to incorporate the effects of all 
intragrain strengthening mechanisms such as the Peierl 's potential, 
di slocation density, solute atoms, and precipitates. 

material should show little grain-size dependence on frac­
ture toughness. In the vast majority of Al-matrix compos­
ites processed at high temperatures (450 °C and above), this 
is likely to be the situation, irrespective of the extrusion 
rate . Indeed, several previous TEM studies have noted that 
the matrix next to reinforcements is typically characterized 
by a well-defined subgrain structure containing a high dis­
location density-a structure representative of a recovered 
condition (e.g., References 13 and 46). In such a situation, 
therefore, microstructural refinement is not expected to 
yield dividends in terms of fracture toughness. Recrystal­
lization and the presence of high-angle boundaries (with 
high Tgh ) are, therefore, crucial in obtaining fracture tough­
ness improvements by microstructural refinement. How­
ever, as discussed previously, the effect of grain size on 
frac ture toughness is dependent of the relative magnitudes 
of -r:~ 1, and T1 and is, therefore, not straightforward. For in­
stance, it is observed from Figure 14 that when the matrix 
is soft (e.g., 450 °C SA), the PSN state produces a signif­
icantly better fracture toughness than the non-PSN state. 
However, in the intermediate-strength regime, both states 
display similar toughnesses, despite the difference in grain 
size and the similarity in the nature of the grain boundaries. 
This may be partly attributed to the increase in T gh in the 
intermediate-strength regime, which desensitizes fracture 
toughness to the grain size. 

Figure 14 shows that, with a continued increase in the 
matrix strength level (by precipitation hardening to the -T6 
condition), the PSN material once again displays a greater 
toughness than the non-PSN material. This, however, ap­
pears to be due to a different reason. As noted in Figures 
I O(a) and (b ), the matrix in the non-PSN state showed sig­
nificant evidence of quasi-cleavage fracture as opposed to 
primarily ductile dimpling in the PSN material. Quasi­
cleavage fracture in ductile materials is usually thought to 
be promoted under conditions that impede plastic flow .f47

1 

It is likely that this increased predilection toward cleavage 
of the non-PSN material relative to the PSN condition is 
due to the constraint to matrix plastic flow imposed by the 
generation of large hydrostatic stresses in the interparticle 
regions because of slip localization on certain systems. This 
is evidenced by the presence of straight slip lines and planar 
di slocation arrays in the non-PSN material, suggesting the 
inhibition of cross-slip processes, possibly due to textural 
effects. The increased rate of work hardening (RWH) in the 
non-PSN material relative to the PSN material in the -T6 
state is further evidenced by Figure 15, which plots RWH 
for both materials as a function of the proportional limit­
normalized true flow stress (aia0 ) following the start of 
plastic flow during tensile testing. The initial decrease in 
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Fig. IS- Variation of the RWH as a function of the true flow stress 
normalized by the proportional limit (u/u0) during plastic deformation of 
the composite in the -T6 state. 

RWH with increasing a/a0 is attributable to the progres­
sively accelerating kinetics of cross-slip-induced recovery 
processes, whereas the final region of small, constant RWH 
represents the situation where the kinetics of hardening pro­
cesses are balanced by those of the recovery processes.l 19A8l 

It is apparent that, while this balance is reached at a u!a0 

value of~ 1.15 in the PSN condition, it is reached at around 
a/a0 - 1.6 in the non-PSN material, which is close to the 
fracture stress of the material. This confirms that recovery 
processes are relatively slow in the non-PSN material , al­
lowing rapid buildup of tensile triaxiality in the matrix dur­
ing deformation and, thereby, promoting localized cleavage 
in the matrix between particles, as observed in Figure I O(b ). 
A point to note is that, following fracture of some of the 
particles in a given plane, the hydrostatic constraint in the 
matrix is expected to be partially relieved. Yet, in the non­
PSN material, the matrix shows evidence of quasi-cleavage 
failure. This suggests that, even following fracture of some 
of the surrounding particles, the constraint to plastic flow 
in the interstitial matrix is sufficient to make the matrix flow 
stress comparable to the cleavage stress in the non-PSN -
T6 material. In the PSN -T6 material, on the other hand, 
the higher rate of recovery lowers the constraint, aJlowing 
plastic flow and fostering ductile fracture. 

Figure 16 plots the RWH vs ala0 for the PSN and non­
PSN states in the -T4 condition. Unlike in the -T6 condi­
tion, the RWH is observed to reach constancy in both ma­
terials at similar ahr0 values (- 2.l for PSN and 2.3 for 
non-PSN), indicating relatively little difference between the 
matrix recovery rates in the two materials. In the -T4 con­
dition, the matrix flow stress is significantly lower than in 
the -T6 condition, and it is likely that the mechanism re­
sponsible for inhibiting recovery processes in the -T6 con­
dition is unable to provide sufficient plastic flow constraint 
to the matrix in the -T4 state to make the flow stress com­
parable to the cleavage stress. Indeed, the fractured -T 4 
sample exhibited only ductile fracture of the matrix be­
tween particles, with no evidence of quasi-cleavage. This, 
coupled with the fact that the latt ice friction (T1) in the -T4 
state is large enough relative to T"" to make the fracture 
toughness relatively insensitive to grain size, explains the 
absence of any perceptible difference between the fracture 
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toughnesses of the PSN and non-PSN materials in the -T4 
condition. 

Figure 14 also indicates that, while the intermediate sam­
ple has a fracture toughness close to that of the non-PSN 
sample in the 450 °C SA condition, it displays a toughness 
close to that of the PSN sample in the -T6 condition. Thus, 
even when 7t is low (e.g., in the 450 °C SA condition), the 
intermediate state derives little benefit in Krc relative to the 
non-PSN condition, despite its small subgrain size. This is 
because in this material, most of the boundaries have very 
low misorientation and, consequently, have a low Tgh' 

thereby obliterating any advantage of having a finer micro­
structure than that of the non-PSN material. In the -T6 con­
dition, the intermediate material showed predominantly 
ductile matrix failure, just like the PSN material, thus dem­
onstrating no evidence of limited slip system operation. 
This accounts for the increased toughness observed in the 
intermediate material relative to the non-PSN material. 
Since, as discussed earlier, at this strength level the grain 
boundaries play a very small role in determining fracture 
toughness, the PSN and intermediate materials display sim­
ilar K,c values despite the difference in grain-boundary mis­
orientation. 

It is clear from the previous discussion that microstruc­
tural aspects besides grain size play a significant role in 
determining the relative strength-toughness combinations of 
the ORA processed under different conditions. A fine mi­
crostructure is beneficial with respect to the fracture tough­
ness, as long as the grain boundaries are highly misoriented 
and Ti<< Tgb· With increasing Tr, the benefit of g:ain refin~­
ment decreases, and, for the high-strength matnx (-T6), 1t 
appears that the higher toughness observed in the PSN ma­
terial relative to the non-PSN material is predicated on the 
dislocation substructure and its influence on the work-hard­
ening behavior and matrix fracture mechanism. Further 
work is needed in order to understand the basis for the 
difference in matrix flow behavior in materials processed 
in different £-T regimes, in terms of the constituent dislo­
cation structures, and to design experiments aimed at sep­
arating the roles of grain size and dislocation substructure 
in fracture toughness. 

On the basis of the difference in fracture mechanisms in 
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the -T6 and 450 °C SA conditions (Figures 11 and 12), it 
is apparent that the fracture path and mechanism can differ 
drastically depending on the matrix flow behavior. Whereas 
in a hard matrix (-T6 condition) the crack propagates by 
fracture of particles and matrix damage initiation within 
particle clusters followed by crack linkage through the ma­
trix by ductile (or a combination of ductile and quasi-cleav­
age) fracture, in a soft matrix (the 450 °C SA condition) 
the crack propagates predominantly through the matrix with 
very limited particle fracture. In the -T6 condition, the ma­
trix flow stress is high enough so that the fracture strength 
of some of the particles is reached by the time the matrix 
starts yielding. With an increasing crack-tip stress intensity 
fractor, the plastic zone size increases, as does the number 
of cracked particles within the plastic zone. This results in 
the transfer of stress from the fractured particles to the ad­
jacent matrix, which, in the absence of the ability to work­
harden substantially, is unable to support the additional 
stress when the local volume fraction of cracked particles 
reaches some critical value. Thereupon, the matrix between 
the cracked particles fails, resulting in overall propagation 
of the crack. On the other hand, in the SA condition, the 
matrix, which is very soft, flows and fails without the ma­
trix flow stress ever reaching a high enough level for the 
particles to get loaded to their fracture stress, contributing 
to a predominantly matrix-controlled fracture and a corre­
spondingly high fracture toughness. It is, thus, apparent that 
there are at least two alternative approaches to the produc­
tion of a desirable combination of strength and fracture 
toughness in ORA. First, the matrix condition may be se­
lected to be hard enough to permit loading of the reinforce­
ment particulates, but soft enough to preclude premature 
particle fracture, so that the failure is matrix controlled. 
Alternatively, the matrix should have a high work harden­
ing rate, so that, following particle fracture, it can take up 
the stress shed by the cracked particles and, thereby, delay 
strain localization and crack extension. The first condition 
may be satisfied by leaving the matrix in a slightly UA 
condition, with the risk of continued natural aging during 
use. The second condition may be satisfied by heat treating 
the matrix to produce a dispersion of incoherent precipi­
tates, but with the potential risk of triggering a third fracture 
mechanism-interface-controlled fracture due to precipitate 
segregation at particle-matrix interfaces-and the associ­
ated drop in fracture toughness, as often observed in OA 
structures (e.g., Reference 2). The results of this study sug­
gest that a multistep heat treatment following deformation 
processing may be the most suitable approach. Such a heat 
treatment would consist of ( 1) a solutionization-cum-an­
nealing treatment following deformation processing in or­
der to recrystallize the matrix and dissolve the requisite 
amount of solute; (2) a high-temperature aging treatment to 
produce some incoherent precipitates, for an increased work 
hardening rate; and (3) a fine dispersion of coher­
ent/semicoherent precipitates, optimizing the flow stress. 
Indeed, as demonstrated in this study using the -450-170 
and -560-450-170 treatments (refer to Table III for nomen­
clature), an array of strength-toughness combinations may 
be produced by following the general approach outlined 
previously. The -480-170 treatment, where the SA treat­
ment was conducted at 480 °C, displayed relatively low 
toughness values in all cases because of the formation of 
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coarse f3 platelets at the SiCp-matrix interface, which re­
sulted in a fracture-mode transition to interface failure. 

Finally, the present study seems to suggest that process­
ing in the PSN regime, with the associated effects on matrix 
grain size and dislocation substructure, is beneficial with 
regard to fracture toughness only at the high and low ex­
tremes of strength levels. In the intermediate-strength re­
gime, the differences due to different deformation process­
ing routes are negligible as long as the total process strain 
(which determines the particulate distribution) is constant. 
Therefore, it appears that, except at the high- and low­
strength ends, the properties of the ORA (at least the one 
studied here) may be optimized solely by post-processing 
heat treatments. 

V. CONCLUSIONS 

It was shown previously that, when processed appropri­
ately, a 6xxx Al-matrix DRA can display better stiffness, 
strength, and fracture toughness than the commercial alu­
minum alloy 6061 in the peak-aged condition. 

It was found that the strength-fracture toughness com­
bination in ORA depends strongly on both the particulate 
distribution and the matrix microstructural condition. The 
particulate distribution was found to be primarily a function 
of the total deformation processing strain, whereas the ma­
trix microstructure, as expected, depends on both the pro­
cess strain and the processing route. Thus, varying the 
processing route while keeping the total strain constant al­
lows the separation of the effects of particulate distribution 
and matrix microstructure on properties. 

Refinement of the matrix grain size via processing in the 
PSN regime appeared to be beneficial to the fracture tough­
ness when the matrix is in a soft solution-annealed state or 
in the peak-aged condition. In the intermediate-strength re­
gime, grain size control was found to not have much impact 
on properties. These effects were attributed to ( 1) the de­
creasing grain size dependence on fracture toughness at in­
creasing Tr!Tgb ratios and (2) substructural differences 
accompanying grain size differences due to processing in 
different 1::-T regimes, which apparently result in differences 
in dislocation activity and, therefore, the plastic flow be­
havior of the matrix and the resultant fracture toughness. 

A number of unconventional heat treatments were suc­
cessfully explored with the objective of optimizing the 
strength-fracture toughness combination in ORA without 
resorting to an UA (i.e., naturally age-hardenable) matrix 
microstructure. In general, it appears that the microstruc­
tural conditions conducive to improved fracture toughness 
are ( 1) a homogeneous particulate distribution fostered by 
processing to large total strains, (2) a small matrix grain 
size induced by PSN of recrystallization, (3) a high grain­
boundary misorientation, ( 4) the presence of fine reinforce­
ment particulates or coarse incoherent precipitates, to sta­
bilize grain size during annealing via the Zener drag effect, 
and ( 5) a mixture of incoherent precipitates and coherent 
hardening precipitates in the matrix, to result in optimal 
flow stress and work hardening behavior. 

Finally, the results indicate that, for a given total process 
strain, the effect of the processing route on the matrix flow 
properties and, hence, on the properties of the composite is 
appreciable only at the very high- and very low-strength 
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regimes. At least for the present material, the processing 
route had little impact on properties in the intermediate­
strength regime, where the properties seem to be dominated 
by the matrix precipitate state rather than by processing­
induced microstructural variations. 
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