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School, Monterey, CA 93943- 5000, U.S.A. 

(Received 9 March 1987; in revised form 7 September 1987) 

Abstract-The boundary misorientations in an Al-10 Mg--0.!Zr (wt%) alloy, thermomechanically 
processed by rolling at 573 K (300°C), were determined both in annealed and in superplastically deformed 
conditions . A high initial dislocation density in as-rolled material, which obscured any underlying 
structure, rapidly transformed into a well-defined structure containing boundaries . After annealing for 
600 sat 573K, boundaries with misorientations of 1-5° were observed. With further annealing (3000 s), 
misorientations did not change appreciably and were .measured to be 2-7°. Such time represents that 
necessary to equilibrate at 573K prior to tension testing at that temperature . The material exhibits 
superplasticity from the onset of deformation and after 100% strain, misorientations were observed to 
increase to 20--30°. It was concluded that boundaries of such initial misorientations can support 
superplastic deformation mechanisms including grain boundary sliding. 

Resum~Nous avons determine Jes desorientations des joints dans un alliage d'aluminium a 10% en poids 
de magnesium et 0, I% en poids de zirconium elabore par traitement thermomecanique (laminage a 
573 K), l'alliage etant recuit ou deforme superplastiquement . La forte densite initiale de dislocations qui 
caracterise le materiau brut de laminage, et qui cache toute la structure sous-jacente, se transforme 
rapidement en une structure bien definie comportant des joints. A pres un recuit de 600 s a 573 K, des joints 
de desorientation comprise entre I et 5° apparaissent. Pour un recuit ulterieur pendant 3000 s, Jes 
desorientations ne varient pas beaucoup et restent comprises entre 2 e,t 7° .• Un tel temps de recuit represente 
le temps necessaire a l'equilibre a 573 K avant l'essai de traction a cette temperature . Le materiau presente 
un comportement superplastique des !es premiers stades de la deformation , et· apres une deformation de 
100%, les desorientations augmentent jusqu'a atteindre 20 a 30°. Nous en concluons que les joints qui 
possedent au depart de telles desorientations peuvent se deformer par des mecanismes de deformation 
superplastique incluant le glissement intergranulaire. 

Zu.sammenfassung-An ausgeheilten und an superplastisch verformten Proben der Legierung Al- IO Mg-
0,1 Zr (in Gew.-%), die thermomechanisch durch Walzen bei 573 K behandelt worden waren, wurden die 
Fehlorientierungen an Komgrenzen gemessen. Die hohe Versetzungsdichte, die sich in den gewalzten 
Proben fand und die Analyse der Fehlorientierungen behinderte, wandelte sich rasch in eine wohldefinierte 
Struktur mit Komgrenzen um. Nach Asheilen bei 573 K fiir die Dauer von 600 s finden sich Korngrenzen 
mit Fehlorientierungen zwischen I bis 5°. Bei liingerem Ausheilen (3000 s) iindern sich die Fehlor­
ientierungen nicht wesentlich, sie liegen zwischen 2 und 7°. Diese Ausheilzeiten wurden als diejenigen 
angenommen, die fiir eine Gleichgewichtseinstelung des Materials vor dem Zugversuch notig sind. Die 
Proben verformen sich von Beginn an superplastisch; nach einer Dehnung von 100% betragen die 
Fehlorientierungen 20--30°. Daraus lii0t sich folgern, daO die Korngrenzen mit den vergleichsweise 
geringen Fehlorientierungen die superplastischen Verformungsmechanismen einschlieOlich der Korn­
grenzgleitung unterstiitzen konnen. 

I. INTRODUCTION 

Wrought superplastic Al alloys exhibit a highly 
strain-rate sensitive flow stress when deformed at an 
approximate homologous temperature of 0.9 Tm 
[I, 2]. Often, the stress vs strain-rate relationship is 
observed to be sigmoidal when data are plotted on 
double logarithmic coordinates [1-5]. Maximum 
ductilities are usually obtained at the strain rate 
corresponding to the maximum value of the strain­
rate sensitivity coefficient, m ( =dlna /din€'), (4-7] and 
it has been demonstrated both experimentally [8] and 
analytically [9] that increased ductility can be cor­
related with an increase in m. 

The value of m depends on mechanisms determined 

by the microstructure and deformation conditions 
and is reported to be ~0.5 for many superplastic 
materials [3- 6]. It is, therefore, of interest to identify 
the microstructural features responsible for the 
strain-rate dependence of the flow stress . Most 
authors are in agreement that grain boundary sliding 
(GBS) is the dominant deformation mechanism dur­
ing superplastic flow [3, 4, 6]. The microstructural 
prerequisites for such a mechanism are a fine, equi­
axed grain size, generally below JO µm and mobile 
high-angle boundaries [3, 4, 6]. The latter require­
ment reflects the need for accomodation of GBS by 
diffusion or diffusion-controlled (e.g. dislocation 
climb) processes (3-6]. These diffusional processes, in 
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turn, require boundaries capable of emission and 
absorption of vacancies. 

Methods of achieving fine-grain superplasticity in 
wrought Al-Zn-Mg-Cu (7XXX) alloys have cen­
tered around controlled thermomechanical pro­
cessing (TMP) [2, 7, 10, 11]. The microstructural pre­
requisites for superplasticity have been realized using 
subsequent heat treatments to transform a highly 
deformed microstructure to a fine-grained micro­
structure via a discontinuous recrystallization pro­
cess. This mechanism is characterized by the nucle­
ation and growth of new, strain-free grains involving 
the formation and migration of high-angle bound­
aries [12]. Bimodal distributions of second phase 
particles are desirable for achieving grain refinement 
[7]; the coarser particles (~I µm) promote high-angle 
boundary formation while the finer particles 
(20-50 nm) restrict high-angle boundary migration . 

An alternative approach has been developed for 
producing fine-grained Al-Cu-Zr (SUPRAL) alloys 
capable of sustaining superplastic deformation [!]. 
No recrystallization heat treatments are used prior to 
elevated temperature deformation and the materials 
exhibit a superplastic response while in an apparently 
nonrecrystallized condition [13]. Nes [14] has sug­
gested that the microstructures transform by a con­
tinous recrystallization process during the initial 
stages of hot deformation. This mechanism is charac­
terized by the development of moderate misori­
entations between adjacent dislocation-free regions in 
the absence of high-angle boundary migration [7, 12]. 
Dislocations rearrange to such an extent that the 
resultant boundary misorientations are larger than 
commonly expected for well-defined subgrain struc­
tures. The mechanical response of these alloys has 
been interpreted as evidence for GBS in micro­
structures where the average boundary misori­
entation is 5-7° [15]. Further work by Bricknell and 
Edington [16] on these alloys has provided evidence 
for dislocation motion during superplastic defor­
mation at maximum m-value. These observations 
have been interpreted in terms of accomodation of 
GBS by dislocation deformation processes. 

Research on TMP of Al-Mg alloys containing 
10 wt% Mg has revealed that the materials also 
behave in a superplastic manner while in a deformed, 
nonrecrystallized condition [I 7-20]. Superplastic 
elongations up to 500% have been obtained at 573K 
(300°C) and 2-5 x 10- 3 s- 1 strain rate [18, 19]. The 
homologous temperature, 0.7 Tm, is considerably 
lower than generally reported for wrought Al alloys 
and the strain-rate higher by an order of magnitude. 
Since the usual microstructural prerequisites were not 
realized and nucleation and growth of new grains was 
not observed, it was proposed that a continuous 
recrystallization mechanism yielding a fine-grained 
(2-5 µm) microstructure at 573 K would account for 
the results [19]. It was also possible to correlate 
apparent strain hardening during superplastic flow 
with grain growth and a decrease in m-value [19]. In 

Table I. Alloy composition (wt%) 

Mg Zr Si Fe Ti Be Al 
9.89 0.09 0.02 0.02 0.01 0.0003 Balance 

contrast, material experiencing the same TMP but 
exposed to a final recrystallization heat treatment , 
prior to elevated temperature testing, did not exhibit 
superplasticity at 573 K [18]. Thus, the objective of 
this investigation is to quantify the microstructural 
evolution pertaining to the superplastic response of 
these Al-Mg alloys when deformed at 573K. 

2. EXPERIMENT AL 

2.1. Material processing 

The composition of the alloy studied in this in­
vestigation is given in Table l; the material was 
provided in the form of a direct-chill cast ingot by 
Alcoa Technical Center, Alcoa Center, Pa. Essential 
features of the TMP are [17]: solution treatment and 
hot working by upset forging at 713K (440°C), well 
above the Mg-solvus temperature, • ~ 643K (370°C); 
quenching; reheating and rolling at 573K to a final 
reduction of 92% (£true= 2.3). 

Elevated temperature mechanical properties were 
obtained using samples with the following gage di­
mensions: 12. 7 mm length; 5.1 mm width; 2.0 mm 
thickness; and 1.6 mm shoulder radius. These were 
machined from the as-rolled material with tensile 
axes parallel to the rolling direction. Tension testing 
at 573K was accomplished utilizing. constant cross­
head speeds and the data were reduced to true stress 
versus true strain plots for the various initial strain­
rates [17]. These data were then corrected to compen­
sate for the decrease in true strain-rate with in­
creasing strain; details of this compensation method 
have been given previously [19]. 

Separate sample geometries were employed for 
detailed assessment of the effects on microstructure of 
both time-at-temperature and deformation. Static 
annealing treatments at 573 K, to stimulate warm-up 
to the elevated test temperature, were conducted on 
small samples (20 mm x 20 mm), taken from the as­
rolled material, utilizing neutral salt baths for accu­
rate control of heating time and temperature. Larger 
tension samples with gage dimensions of 50.8 mm 
length, 20.3 mm width, 3.8 mm thickness and 6.4 mm 
shoulder radius were machined to study the effects of 
simulated superplastic forming. These were deformed 
at 573K at a nominal strain-rate of 1.67 x 10- 2 s- 1, 

corresponding to the approximate strain-rate at 
which peak ductilities were obtained from the initial 
testing. The same testing procedures were followed, 
including the 2700-3600 s heating time prior to the 
commencement of straining. These samples were 
deformed to a nominal strain of 100%, a strain 
considerably less than the fracture strain, and which 
proved to be especially convenient for subsequent 
microstructural analyses. The samples were cooled in 
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air at the completion of deformation and sectioned so 
that both the undeformed grip sections and deformed 
gage sections could be examined . 

2.2. Microstructural analysis 

Transmission electron microscopy (TEM) studies 
were conducted on specimens removed from bulk 
material such that foil normals were parallel to the 
sheet normal direction. Electrothinning was accom­
plished utilizing a 25% nitric acid in methanol solu­
tion at 253K (-20 °C) and 15V. Most of the micro­
structural evaluation was conducted on a JEOL 
JOOCX operating at 120kV. In addition , the con­
vergent beam electron diffraction (CBED) capability 
of the Phillips EM430 operating at 300kV was 
utilized for boundary misorientation determinations. 
Orientation studies on the constituent grains in 
microstructures pertaining to the various material 
conditions were conducted using CBED . In each case 
a reference grain with [011] oriented parallel to the 
beam direction was selected and CBED patterns 
obtained from the neighboring grains without re­
orienting the foil. The relative grain orientations were 
then determined by identifying the positions of the 
various CBED patterns in Kikuchi space. These data 
were plotted on stereographic triangles to effectively 
represent localized pole figures with a [011] oriented 
reference grain . In instances where the orientations of 
adjacent grains were determined, the misorientation 
angle of the common boundary was calculated. 

3. RESULTS 

The rnicrostructure typical of as-rolled material is 
shown in Fig . 1. Warm-rolling to a true strain of 2.3 
(~92% reduction) at 573K has produced a very high 
dislocation density which obscures the underlying 
structure of the material. The f3 phase (an inter­
metallic based on Al8Mg5) is present as discrete 
particles ~ 1 µm in size, Fig. l(b), distributed 

Fig . l. Bright field electron micrographs of the 
Al- 10 Mg--0.l Zr (wt%) alloy, rolled at 573K (300°C) to a 
strain of 2.3 (92% reduction) , showing (a) the tangled 
dislocation structure and (b) a /J (Al8Mg5) particle 

(arrowed) . 

throughout the microstructure . It was also observed 
in areas where prior grain boundaries from the 
solution-treated condition were identifiable that they 
were heavily decorated with f3 phase. 

This microstructure is changed dramatically by a 
brief (120 s) heat treatment at 573K as seen in Fig. 2. 

Fig . 2. Bright field electron micrographs illustrating the effect of 120 s annealing at 573K (300°C) on the 
structure of the rolled condition of Fig. l showing (a) rapid recovery and emergence of well-defined 

structure and (b) dislocation structures associated with bound aries. 



Fig. 3. Bright field electron micrograph and convergent beam electron diffraction (CBED) patterns indicating orientation variations between adjacent 
dislocation-free regions in material rolled at 573K (300°C) and then annealed for 600 s at the same temperature . The reference grain indicated (•) is 

oriented with [01 I] parallel to the beam direction (B). 
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The tangled dislocation networks in the as-rolled 
material have transformed rapidly into a better­
defined substructure, with the fl phase residing at 
subgrain boundaries. The majority of subgrains are 
1-2 µm in size and contain few dislocations. There 
are, however, larger subgrains present containing a 
considerable number of dislocations which appear to 
be in the process of forming regular arrays, Fig. 2(b). 
Further annealing at 573K for 600 s produces a 
microstructure in which most of the dislocations have 
been absorbed into boundaries as seen in Fig. 3. The 
structure has coarsened somewhat and the CBED 
patterns obtained indicate that misorientations across 
the constituent boundaries have developed. Detailed 
examination of these data reveal that the boundary 
misorientations are 1-5° but there are isolated 
examples of considerably higher values. The values of 
these misorientations are summarized in Fig. 4, which 
indicate that the structure consists of boundary 
misorientations ranging from those characteristic of 
subgrains to those characteristic of grains. 

As noted previously, mechanical test samples re­
quire 2700-3600 s to equilibrate at the test tem­
perature, 573K. Thus, the grip section of a test 
sample deformed to 100% at 10- 2 s- 1 strain-rate will 
have experienced the equivalent of a 2700-3600 s 
annealing treatment. The microstructure from such a 
grip section, shown in Fig. 5, has the appearance of 
a fully recrystallized grain structure. Some of the 
grains are traversed by subgrain boundaries, an ex­
ample of which is shown in Fig. 5(b). The accom­
panying weak beam micrograph, Fig. 5(c), reveals the 
individual, regularly-spaced dislocations comprising 
the subgrain boundary within an otherwise 
dislocation-free grain. It is also apparent that the 
P-phase has not coarsened appreciably and resides at 
grain boundary triple points . The mottled effect on 
the fl, evident in Fig. 5, has been identified as a 
surface layer resulting from electropolishing during 
TEM specimen preparation. 

Fig. 4. Summary of the data from Fig. 3, with misori­
entation angles across the boundaries indicated. These 
angles were calculated from the relative misorientations of 
the neighboring grains with respect to the (011] direction of 
the reference grain (*). Most values are in the range 1- 5°. 

A.M. 36/s-<:: 

Fig. 5. Electron micrographs from the grip section of an 
elevated temperature test sample which has experienced 
approximately 3000 s total time at 573 K (300°C); (a) bright 
field showing fine grain structure with intergranular P 
precipitates ; (b) bright field image showing a typical grain 
traversed by a subgrain boundary ; (c) corresponding weak 
beam dark field (WBDF) image (g/3g, B = (011]) showing 
the spacing of dislocations comprising the subgrain 

boundary. 

Figure 6 represents the misorientation data ob­
tained from this grip section. The micrograph reveals 
that the grain size has changed little when compared 
to shorter annealing times, namely 1-3 µm . This 
microstructure effectively represents the condition of 
the material at the onset of deformation in a typical 
elevated temperature tension test. Values of bound-



Fig. 6. Bright field electron micrograph and CBED patterns indicating orientation variations between adjacent grains in material from the grip section 
sample of the previous figure. The reference grain (*) is oriented with [011] parallel to B ; misorientations are similar to those observed for shorter 

annealing times (Fig . 3). 
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Fig. 7. Summary of the data from Fig. 6; misorientation 
angles, calculated from the orientation of neighboring 
grains relative to the reference grain (*), are shown. The 
range of values is similar to that observed in material which 

has experienced shorter annealing times (Fig. 4). 

ary misorientations are summarized in Fig. 7 and can 
be seen to be similar to these documented in Fig. 4, 
i.e. 2-7°. Also present in this micrograph is an 
example of a prior grain boundary from the initially 
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Fig. 8. Mechanical test data from this alloy, obtained from 
constant crosshead speed tension tests at 573K (300°C). The 
stress versus strain rate data (lower plot) have been 
corrected for the decrease in strain-rate with strain, the rate 
sensitivity coefficient, m, is largest at small strains and 
decreases with deformation due to microstructural coarse­
ning. The peak ductility corresponds to the rate ( ~ 10- 2 s- 1) 

for peak m-value. 

solution-treated condition , as indicated by the 
arrows. This boundary is decorated with an approx­
imately continuous string of p precipitate particles. 

The mechanical property data for the elevated 
temperature testing is shown in Fig. 8, and is the same 
data reported previously for this material. Maximum 
ductilities are achieved between strain-rates of 10- 3 

and 10- 2 s- 1, where maximum m-values are obtained, 

Fig. 9. Electron micrographs of material deformed to 200% 
elongation at 573K (300°C) and a strain-rate of 10- 2 s- 1

; (a) 
bright field image showing the slightly elongated grain 
structure ; (b) bright field image showing a typical distorted 
grain ; (c) corresponding WBDF image (g/3g, B = [0111) 
showing the dislocation structure within the grain. The 
strain-rate is that at which peak ductilities were achieved in 

this material (Fig. 8). 



Fig. 10. Bright field electron micrograph and CBED patterns from the gage section of the superplastically deformed material (Fig. 9) showing the grains 
to be randomly oriented . The reference grain (*) is oriented with [Oil] parallel to B . 
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and the material behaves in a superplastic manner 
from the onset of deformation. The maximum m­
value obtained is 0.45 and is observed at the smallest 
strain evaluated, 0.02. The rnicrographs in Fig. 9 were 
obtained from the gage section of a sample deformed 
100% (a strain less than the fracture strain) at a 
strain-rate of 1.7 x 10- 2 s- 1 (a strain-rate near that of 
peak ductility). The most noticeable feature is that , 
although the grain size has not increased appreciably, 
the grain shapes are much less equiaxed, Fig. 9(b ). 
The weak beam micrograph, Fig. 9(c), shows that the 
dislocation density within grains is considerable . The 
distorted shape of the P precipitates, which contain 
evidence of deformation by slip, suggests that they 
have deformed during the tension test. A misori­
entation study, Fig. IO, reveals that the boundary 
angles have increased appreciably when compared to 
the data from the grip section (Fig. 6). The results are 
summarized in Fig. 11, which illustrates clearly that 
the average boundary rnisorientation is now 10-30°. 

The data from Figs 3, 6 and I 0, when plotted on 
a standard stereographic triangle, Fig. 12, con­
veniently demonstrate the extent to which boundary 
misorientations have increased. The misorientations 
between the reference grain, oriented on [011], and 
the adjacent grains are less than I 0° in material which 
has experienced static annealing only but substan­
tially greater than I 0° in deformed material , i.e. 
annealed and then strained . This may be interpreted 
as evidence that the development of boundary misori ­
entations is enhanced by the superplastic deformation 
process. 

4. DISCUSSION 

The results of the annealing experiments to simu­
late warm-up to the elevated test temperature reveal 
that the high dislocation density observed in the 
as-rolled material diminished rapidly . The TEM stud­
ies show that boundaries, with misorientations of 

Fig. I I. Summary of the data from Fig. 10; the boundary 
misorientations have increased substantially (10-30°) when 
compared with material which has been annealed only 

(Fig. 7). 
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Fig. 12. Stereographic triangles containing the data from 
Figs 3, 6 and 10; the variation in orientations of the 
neighboring grains relative to the respective reference grains 
(oriented with [011] parallel to B) is plotted. Annealing only 
results in the majority of neighboring grains remaining 
within 10° of the reference grain whereas deformation to 

100% strain results in much larger misorientations. 

2- 7°, form as a consequence of dislocation rear­
rangement alone during static annealing . Further­
more, there is no evidence to suggest a re­
crystallization mechanism based on nucleation and 
growth of new grains with accompanying high-angle 
boundary migration. 

These boundary misorientations fall in a regime 
regarding which there is controversy [15, 21] as to 
whether they are subgrain or grain boundaries. The 
values obtained are low compared with those com­
monly associated with recrystallized grain structures 
but they are significantly greater than those observed 
in recovered subgrain structures. Examination of the 
mechanical property data reveals that the alloy, when 
processed by this TMP, behaves like a fine-grained 
superplastic material. Them-value of 0.45 is close to 
the value (0.5) ascribed to superplastic deformation 
involving GBS as the dominant mechanism. The fact 
that the misorientations between grains are low 
initially (2- 7°) and increase substantially during 
deformation (10-30°) suggests that the boundaries 
are behaving as high-angle boundaries even with 
rnisorientations less than 10° at the onset of 
deformation . 
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The randomizing of texture, as observed on a local 
scale in this investigation, is also consistent with 
random grain rotations associated with GBS [15). 
The observation of dislocations within grains in 
deformed materials may then be interpreted as evi­
dence of an accommodation mechanism for GBS 
involving the generation and motion of dislocations. 
The absorption of such dislocations into boundaries 
could then have the effect of increasing misori­
entations between adjacent grains during super­
plastic flow. The data in Fig. 9 are consistent with a 
mechanism involving continuous recrystallization 
and GBS with dislocation slip accommodation to 
account for the increased dislocation density within 
grains. 

An alternative explanation of the mechanical re­
sponse of this material might invoke the solute drag 
mechanism in conjuction with the high initial dis­
location density. This mechanism would imply an 
m-value of 0.33 [4, 6, 22). In fact, when the alloy is 
briefly reheated to 723K (450°C) a recrystallized 
structure is obtained which gives an m-value of 0.3 
during subsequent mechanical testing at 573K [19). In 
addition , the accompanying flow stress values are 
substantially greater than those obtained in material 
tested after experiencing TMP alone [19). Thus, it can 
be inferred that the boundaries observed are capable 
of sustaining GBS. 

The results reported by Nes [15) were obtained 
using a Al--Cu-Zr (SUPRAL) alloy at considerably 
higher temperatures ( ~ 723K), that is 0.9Tm. These 
are temperatures at which rapid grain growth would 
normally be expected to occur, necessitating a uni­
form dispersion of Al3Zr to inhibit microstructural 
coarsening [7, 13). The TMP used in this investigation 
but applied to a binary Al-Mg alloy with the same 
Mg content, results in material which does not exhibit 
a superplastic response. This is attributed to rapid 
microstructural coarsening at 573K because the p 
phase distribution alone is too coarse to stabilize the 
grain size. The Zr addition in the present alloy is 
insufficent to produce a fine Al3Zr dispersion, none­
theless the Zr addition has resulted in retardation of 
grain coarsening facilitating a superplastic response 
at 573K. 

Superplastic ductilities have been attributed to a 
combined precipitation and recrystallization mech­
anism in materials with large potential volume 
fractions of second phase [15, 21). The grain 
refinement necessary for superplasticity has been 
reported to be a result of the combination of these 
processes [23, 24). In this work, the TMP tem­
peratures employed are the same as the superplastic 
deformation temperature and it has been shown 
previously that the P phase reaches its equilibrium 
volume fraction during TMP [25). Clearly, there can 
be little or no further precipitation of the p phase 
during superplastic deformation and thus, the grain 
refinement achieved cannot be attributed to such a 
mechanism. 

5. CONCLUSIONS 

1. Continuous recrystallization is the mechanism 
responsible for converting a high dislocation density ' 
structure into a fine-grained structure capable of ' 
sustaining low temperature, high strain-rate defor­
mation. 

2. Stress/strain-rate data show that the material 
exhibits a superplastic response from the onset of 
deformation with an m-value of 0.45. 

3. The m-value obtained reflects GBS as the 
dominant deformation mechanism in the maximum 
ductility region, as opposed to a solute drag based 
mechanism. 

4. Boundary rnisorientations between adjacent 
grains increase rapidly during superplastic defor­
mation. 

5. The material is capable of a superplastic re­
sponse while exhibiting a microstructure consisting of 
average boundary rnisorientations of less than 10°. 
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