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Temperature dependent atomic-scale modeling of interfaces in
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Abstract

Material properties can now be calculated directly from first principles using density
functional theory (DFT) which has a great predictive power and can, in cases that are
difficult to approach experimentally, provide crucial insights on the atomic and elec-
tronic level. Such cases include the thermodynamics of interfaces and surfaces which
are crucial factors for the structure and macroscopic properties of many materials,
where cemented carbides are one example.

Cemented carbides, or hardmetals, are composite materials manufactured by means
of powder metallurgy, where carbide and binder metal powders are mixed, pressed,
and sintered into a dense material. In this way the material gets a unique combination
of hardness from the carbide and toughness from the binder. Cemented carbide is,
therefore, an excellent choice of material in application where high hardness, wear-
resistance, and toughness are crucial.

In this thesis bulk, interface, and surface thermodynamics in cemented carbides
are studied using DFT, but also using other atomistic descriptions derived from DFT
including analytical bond order potential (ABOP), cluster expansions (CE) and force
constant (FC) models. Further, free energies are calculated using methods such as
thermodynamic and temperature integration from both molecular dynamics (MD) and
Monte Carlo (MC) simulations, quasi-harmonic approximation (QHA), effective har-
monic models (EHM) from ab-initio molecular dynamics (AIMD), surface stress for liq-
uid surface free energy and calculation of work of adhesion from separation and joining
simulations.

Wetting of WC surfaces and WC/WC grain boundaries is investigated in WC-Co
and WC-Ni cemented carbides at elevated temperatures and it is concluded that, at
liquid sintering temperatures, wetting of WC surfaces is only partial in C-rich materials
while perfect in W-rich materials. Further, WC/WC grain boundaries are predicted to
be stable also at liquid phase sintering temperatures. WC/WC grain boundary sliding
is shown to be facilitated by infiltration of binder phase of only a few atomic layers
proportion. Moreover, the hexagonal and cubic WC phases are investigated at high
temperatures and a phase diagram is generated. Finally, the formation of thin cubic
carbide films (complexions) in WC/Co phase boundaries is studied in both undoped
and Ti-doped cemented carbides. These films are predicted at liquid phase sintering
temperatures in both cases and also at solid state sintering temperatures in the Ti-
doped case. In Ti-doped cemented carbides, the Ti atoms are found to mostly segregate
to the second layer of the thin film and leave an essentially pure W layer towards Co.

Keywords: cemented carbides, hardmetals, WC-Co, density functional theory, analyti-
cal bond order potential, interfaces, complexions, wetting, free energies, phase diagram
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Introduction

As the computational power of computers and the efficiency of the theoretical tools
have increased rapidly in the last decades, atomistic simulation methods are becom-
ing increasingly important in materials science. Density functional theory (DFT) now
allows us to calculate material properties direct from first principles. It has a great
predictive power and can, in cases that are difficult to approach experimentally, pro-
vide crucial insights on the atomic and electronic level. An example of such a case is
interface and surface energies which are hard to measure experimentally and in most
cases one has to rely on estimations. When DFT calculations becomes too expensive,
it is common to use other, simpler, models which are fitted to DFT data. Such mod-
els include inter-atomic potentials and cluster expansions, and with these models both
system sizes and the configuration space can be increased significantly. The prize to
pay for this decreased computational cost is, however, a reduction in accuracy.

For many materials, where cemented carbides is one example, the thermodynamics
of interfaces and surfaces are important factors for the structure and macroscopic prop-
erties. For example, wetting, which is a measure of the interfacial and surface energies
in a system, is an important technological parameter for many material processes such
as joining, solidification, and composite processing[3].

Cemented carbides, or hardmetals, are composite materials with a unique combina-
tion of high hardness and good toughness [4]. In materials the hardness (the ability
to resist plastic deformation by a certain load) and the toughness (the ability to absorb
energy by deforming plastically without failure) are two competing properties, i.e., a
material usually is hard and brittle or tough and soft. In Fig. 1.1, the hardness vs. tough-
ness for a variety of hard materials is shown. We see that the extremely hard diamond
is also highly brittle and the high-speed steels (HSS) are tougher but lack in hardness.
However, cemented carbides manages to be simultaneously very hard and tough, which
makes them a unique class of materials.
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Figure 1.1: Sketch of the hardness vs. toughness for different types of hard materials.
Here, PCD means polycrystalline diamond, CBN means cubic boron nitride, HM means
hard metal and HSS means high-speed steel. Adapted from Figure 1 and 5 in Ref. [5].

Cemented carbides consist of two main components: a hard component, tungsten
carbide (WC), and a more ductile binder component, which in a vast majority of cases
is cobalt (Co). It is also common with several volume percent of cubic carbide addi-
tions (e.g. TiC, TaC and NbC) which then form a third phase, usually referred to as the
gamma phase, in the material. These composite materials are manufactured by means
of powder metallurgy, where carbide and binder powders are mixed, pressed, and sin-
tered into a dense material [6]. In the microstructure of cemented carbides both the
carbide (including the gamma phase if present) and binder grains are interconnected
and build up two continuous inter-penetrating skeletons. In this way the hardness and
toughness from the carbide phase(s) and the binder phase, respectively, are combined
without too much loss, leading to both high hardness and toughness. Further, the hard-
ness and toughness of the cemented carbide can be adjusted by varying the WC grain
size, the binder content and/or the cubic carbide content.

These material properties makes cemented carbides an excellent choice of material
in application where high wear-resistance and toughness are crucial [5]. Consequently,
cemented carbide is the most widely used material for various metal machining opera-
tions such as turning, milling, drilling, threading, grooving, etc. A picture of a turning
operation using the Sandvik Coromant CoroTurn® Prime tool is seen in Fig. 1.2. As the
cemented carbides are of such technological importance, there is a great competition
within the industry to improve and develop new grades. In the recent times cobalt has



Figure 1.2: A turning operation using the Sandvik Coromant CoroTurn® Prime tool

[7].

also been found to be toxic and carcinogenic, especially in the form of (WC-Co) hard-
metal dust [8]. There is, therefore, also a large interest in replacing Co as the primary
binder phase.

When studying interface and surface thermodynamics there are a lot of degrees of
freedom that need to be handled and the computational cost for studying interface and
surface thermodynamics is, therefore, high. Model interfaces must be specified from
macroscopic geometrical parameters, i.e., the relative rotations and surface normals of
grains. Additionally, the relative translation must be optimized. For surfaces, normals
is sufficient to specify the surface. Further, for a full description of the interface/surface
free energy the local chemistry and local structure must be optimized. Optimizing the
local chemistry involves studying the effect of adsorption and segregation and optimiz-
ing the local structure involves looking at the formation of interface and surface thin
films (complexions). Since interface and surface free energies are temperature depen-
dent the effect of temperature should also be considered.

In this thesis a variety of atomistic descriptions and computational free energy meth-
ods are used in order to describe interface and surface thermodynamics in cemented
carbides. The atomistic descriptions include density functional theory, analytical bond
order potential (ABOP), cluster expansions (CE) and force constant (FC) models. Fur-
ther, the free energy methods include thermodynamic and temperature integration
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from both molecular dynamics (MD) and Monte Carlo (MC) simulations, quasi-harmonic
approximation (QHA), effective harmonic models (EHMs) from ab-initio molecular dy-
namics (AIMD) simulations, surface stress for liquid surface free energy and calculation
of work of adhesion from separation and joining simulations.

The wettability in cemented carbides is an important factor in the sintering of these
composite materials. In Paper I wetting of WC surfaces and WC/WC grain boundaries
in WC-Co and WC-Ni cemented carbides are investigated using DFT with a focus on
the effect from changes in the local chemistry of the interface and the effect from tem-
perature. Paper II is a companion study to Paper I where the temperature dependence
of interface and surface energies using an ABOP is investigated.

It has been proposed that WC/WC grain boundary sliding is an important defor-
mation mechanism in cemented carbides and that it is facilitated by grain boundaries
being infiltrated by binder phase at high stresses[9]. In Paper IIl an ABOP is, therefore,
fitted using DFT data for the W-C-Co system and WC/WC grain boundary sliding is
investigated for various amounts of Co binder phase infiltrated in the grain boundary
and for different temperatures.

It has been experminetally established that thin cubic films form at phase boundaries
between WC and Co in both undoped and doped cemented carbides [10, 11, 12]. More-
over, these thin films likely inhibit the growth of WC grains during sintering, which
is important to achieve a final material with high hardness. In Paper IV the cubic and
hexagonal WC phases are investigated at high temperatures using a variety of atom-
istic descriptions and free energy methods. It is a companion study to Paper V where
the formation of thin cubic WC films (complexions) at WC/Co phase boundaries in
undoped cemented carbides is studied using similar methods. In the last paper, Paper
VI, the formation of thin cubic (Ti,W)C films at WC/Co phase boundaries in Ti doped
cemented carbides are studied.



Cemented carbides

Cemented carbides are composite materials with a hard component consisting of one
or more carbides, and a more ductile binder component which acts as cement between
the carbide grains, hence, the name cemented carbides [5, 6]. The hard component is
almost always tungsten carbide (WC), to which sometimes also cubic carbides such as
titanium, tantalum or niobium carbides (TiC, TaC or NbC) are added, and the binder is
usually cobalt-rich with dissolved atoms from the carbide phase(s). These composite
materials are manufactured by means of powder metallurgy, where powders of tung-
sten carbide and binder metal are mixed and milled, then pressed and finally sintered.
The sintering is done at temperatures in the interval 1350 to 1500 °C, where the binder
phase is molten, which accelerates the densification and this results in a material with
almost 100% of theoretical density. The resulting material consists of a continuous
skeleton of hard carbide grains inside a matrix of ductile binder phase, where the for-
mer serves to give the material significant hardness and wear resistance, while the later
gives increased toughness [4]. This combination of both high hardness and toughness
makes cemented carbides unique among hard materials, see Fig. 1.1. The hardness and
toughness of the cemented carbide can also be adjusted by varying the WC grain size
and the amount of cubic carbide addition, and the binder content and composition.
When manufacturing cemented carbides it is important to control the phase consti-
tution to avoid deteriorating phases [13]. The desired phases in the microstructure of
cemented carbides are hexagonal WC and fcc binder [14]. The phase constitution is
to large degree controlled by the amount carbon (carbon activity) in the material and
small changes in the amount of carbon may have large effects on the phase constitution.
If the amount of carbon is too high, graphite will form in material, and if the amount
of carbon is too low, complex carbides called eta phases will form. Both of these are
considered to be deteriorating for the material properties [13]. There is, thus, a window
of carbon contents within which no graphite, nor eta phase, is formed in the material.
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This window is bound by the graphite and eta limits, which mark the carbon contents
where the respective phases are formed. In this theses we refer to a material with a
high carbon content as C-rich and a material with a low carbon content as W-rich.

Originally, in the 1920s, cemented carbides were developed in order to replace di-
amond in drawing dies for tungsten filament production [6]. However, it was soon
realized that the main application for this material was metal cutting and rock drilling.
The new cemented carbides radically outperformed the usual alloyed steels and stel-
lites, which reduced the cost drastically, leading to a big increase in productivity. To-
day, cemented carbide is the most widely used material for various metal machining
operations such as cutting, turning, milling, drilling, threading, grooving, etc. [5].

Ever since Karl Schroter proposed to bind tungsten carbide with cobalt in 1923, cobalt
has been the traditional choice as binder metal [15]. A combination of its excellent me-
chanical properties and wetting of WC makes it a very good binder metal. Furthermore,
it is less challenging to get a material free from graphite and 7 phase compared to other
binders such as nickel and iron [14]. Although the occurrence of cobalt in the earth’s
crust is only slightly less than that of zinc or lead, the main ore deposits are located in
areas less accessible to the industrial world, mainly in Central Africa [15, 16]. The price
and supply of cobalt is therefore subject to large fluctuations. In the recent times cobalt
has also been found to be toxic and carcinogenic, especially in the form of (WC-Co)
hardmetal dust [8]. Consequently, there is a large drive for replacing cobalt completely
or partially as binder. Initially, though, research was dedicated to replacing cobalt in
order to avoid the early patent restrictions [16].

Historically nickel has received the most attention as an alternative binder to cobalt
due to its similar properties [14]. A complete substitution of cobalt for nickel results
in material with inferior hardness and strength due to the more ductile binder phase
[15]. The higher stacking fault energy of Ni also makes the work hardening moderate
compared to Co [8]. However, the fracture toughness and the wear resistance are im-
proved and the corrosion and oxidation resistance is superior to cobalt bound cemented
carbides [15, 14, 8]. Consequently, nickel is almost exclusively used as binder material
in die and wear parts. It is important to note that the toxicity of Ni is at the same level
as Co which could limit further development of pure Ni bound cemented carbides [8].

Cemented carbides with certain Fe-Ni-Co binder compositions have been shown to
be of interest for the hard metal industry, especially in applications where improved
fatigue strength and toughness are required [8]. However, it is very demanding to pro-
duce defect free iron bonded materials due to the narrow carbon window. Further, Fe
bound cemented carbides have a tendency to form martensite and react with Fe-based
workpieces during machining operations. The usage of iron based binders in cemented
carbides is, however, predicted to grow due to its superiority in certain applications and
its more environmentally friendly nature compared to Ni and Co [5]. A further driving
forces is the superior availability of iron compared to nickel and cobalt.

Other examples of alternative binder compositions are nickel aluminides (NizAl and
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NiAl) and iron aluminides (Fe3Al and FeAl). These binders are suitable in high-temperature
applications and extremely corrosive environments [17, 18, 19, 20]. High entropy alloys
are also considered as alternative binder phases [21, 22, 23].

As cobalt is and has been the most common binder in cemented carbides for along
time, most of the research on cemented carbides have been directed towards improving
and understanding WC-Co based cemented carbides. There is thus much more knowl-
edge of the properties and production of cemented carbides with cobalt as binder com-
pared to other binder compositions. It is the author’s opinion that this acts as a lock-in
mechanism that prevents the industry from moving away from cobalt as a binder, even
though alternatives with comparable or sometimes superior properties exist. Research
on alternative binders is, therefore, of great importance.

Similar to cobalt, tungsten is also found in areas less available to most of the indus-
trial world, with the main deposits being located in China and Eastern Europe [16].
Consequently, there has also been development towards replacing the WC hard phase
by TiC, which culminated in TiCN cermets.

2.1 Manufacturing

Cemented carbides are produced by means of powder metallurgy, where metal and
carbide powders are mixed and heated to form a dense material. There are many steps
in the process from raw material to finished product and all of these steps affect, to a
varying degree, the microstructure of the final material [24, 25].

2.1.1 Powders

WC powder is most commonly produced by carburization of tungsten metal powder
prepared by hydrogen reduction of WO;3 [26]. It is also possible to carburize and reduce
WO; simultaneously. The primary sources of the tungsten are the minerals Scheelite
(CaWO,) and Wolframite (Fe,Mn)WO,. The typical grain size of conventionally pro-
duced WC powder ranges from 0.15 to 12 ym [27]. A scanning electron microscope
(SEM) micrograph of a WC powder with a grain size in the sub-micron range is seen
in Fig. 2.1.

Cobalt, the most common binder, is mainly produced as the by-products of more
common copper and nickel metals or from re-cycling of cemented carbide scrap due toa
scarcity of cobalt ores [29]. Pure cobalt compounds are produced by hydrometallurgical
processing of cobalt from the ores and scrap. These compounds are then reduced to
form cobalt powders.

Most powders of carbide and binder phases are available as commercial products.
Consequently, to choose the powders that will be used is the first stage in the manu-
facturing of cemented carbides [28]. Selection of the correct powder is critical in order

7
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Figure 2.1: WC powder with grain size in the submicron range [28].

to achieve the required quality in the final sintered product, meet the cost targets and
accommodate subsequent process requirements. The quality of the powders is deter-
mined by the composition, particle size, morphology, surface chemistry, etc.

2.1.2 Milling, drying, pressing

As the first step in consolidating the cemented carbide, the powders are mixed together
and thereafter milled [28, 13, 26]. Often, small amounts of other carbides such as TiC
and CrC are added to control to the grain size and grain shape to get desired properties.
The purpose of the milling is to get a more uniform mixing of the powders, reduce
particle size to a desired value, and to reduce agglomeration of WC particles. It is
critical to get the mixing uniform since it determines reliability and repeatability of
properties and performance of the final products. For example, an insufficient mixing
of binder and carbide may lead to defects such as porosity and binder metal pools. The
most common milling methods are rolling ball milling and attritor milling, and each of
these methods has its own particular milling characteristic. For example, rolling ball
milling generally gives a more narrow particle size distribution than attritor milling,
but the milling time is considerably longer. Rolling ball milling is effective in reducing
the particle sizes down to roughly 2 ym, while attritor milling can produce finer particle
sizes. The energy involved in milling is high, and it is therefore necessary to carry out

8
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the milling in a protective liquid to minimize temperature rise and prevent oxidation
[26]. Often, an organic liquid such as acetone or alcohol is used. In order to improve
the strength of the material after the forthcoming pressing, an organic binder such as
paraffin wax or polyethylene glycol is also added in the milling stage [28]. Additionally,
to facilitate the mixing and particle deagglomeration, and to reduce particle size by
crushing and attrition, a milling media is also added to the mill. This milling media
often consists of bodies of WC-Co [30].

When the slurry of carbide and binder grains obtained after milling is dried the re-
sulting powder is very fine. The powder therefore have a low flowability and a low
apparent density which is not desirable for pressing [26]. To avoid this, a process called
granulation is adopted, where the objective is to create loose agglomerates of the fine
powder. The old conventional method of granulation is to first boil off the solvent in
a vacuum, then press the powder into billets. These billets are thereafter disintegrated
and finally particles of the desired size are sieved in filterers. In the modern and more
direct method, spray drying, the slurry is dried and granulated by spraying it into a
stream of preheated inert gas. This method of granulation generates granules of uni-
form size and nearly spherical shape which is favourable for the pressing stage.

After the granulation the powder is ready to be pressed into a compact called a green
body. Common methods for shaping the green body are uniaxial die pressing, cold iso-
static pressing, extrusion and powder injection molding [13]. Die pressing is, however,
the most widely used and economical method of shaping in the cemented carbide in-
dustry. Usually, the pressures used in pressing are in the range of 30-200 MPa. The
green body can be shaped close to the desired final shape as shape is approximately
maintained during sintering. However, one has to compensate for the substantial lin-
ear shrinkage of roughly 20% [27, 30]. A picture of green body and sintered material
which demonstrates this shrinkage can be seen in Fig. 2.2.

2.1.3 Sintering

The purpose of the sintering stage is to strengthen the material through densification,
thus eliminating pores, and by creating strong intergrain cohesion. To accomplish this,
the green body is heated in a furnace where the temperature and atmosphere is well-
controlled. The temperature progression of a typical sintering cycle of a WC-Co ce-
mented carbide can be seen in Fig. 2.3. First, the temperature is slowly raised to ap-
proximately 300 °C, during which, the organic binder is removed ("de-waxing”) [30].
A hydrogen atmosphere is often used in this stage. Thereafter, the furnace is evac-
uated and the atmosphere is kept as vacuum if no other atmosphere is needed. This
is followed by a raise in temperature to approximately 1200 °C. Since the pores are
still opened at this stage, oxygen reduction can take place. The temperature is kept at
1200 °C for some time and solid-state sintering occurs, which actually is responsible for
more than half of the total densification during the entire sintering [26]. At this point
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Figure 2.2: Example of shrinkage as a result of sintering [28]. Green body (left) and
the corresponding sintered material (right).
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Figure 2.3: Typical sintering cycle for WC-Co [30].
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the W and C also start dissolving in the binder [30]. Now, the temperature is raised to
and kept at about 1400-1500 °C, which is above the eutectic temperature. Consequently,
the binder melts which onsets the liquid-phase sintering. W and C dissolves further in
the liquid binder and the remaining porosity is almost completely eliminated. During
the liquid-phase sintering, a lot of the WC grain growth takes place through solution-
reprecipitation. Finally, the material is cooled down. This vacuum sintering method
works well for materials where wetting is excellent, however, if wetting is poorer, hot
isostatic pressure (HIP) sintering may be used to achieve full densification.

2.1.4 Finishing and coating

Due to the shrinkage during sintering many materials often need finishing after sin-
tering. Since the cemented carbides are very hard, diamond abrasives are often used
for the machining. A majority of cutting tools made from WC-Co are coated by a thin
film of ceramic material, using either physical vapor deposition (PVD) or chemical va-
por deposition (CVD) [13, 31, 32, 33, 34, 35]. The coated materials have a higher wear
resistance and potentially better chemical stability which prolongs the lifetime of tools
considerably.

2.2 Densification process

The driving force for sintering, both in solid and liquid state, is the reduction of interface
energy in the system [36]. The reduction of interface energy can be accomplished
by either reducing the total interface area or equilibration of the interfaces to more
favourable configurations. This induces a mass transport which leads to densification
and grain growth.

Initially the mix of powders contain lots of porosities, which are reduced during
solid-state sintering when the facets of WC grains are optimized and phase boundaries
between WC and binder are formed as the binder wets the carbide [36]. It has been
suggested that Co spreading on WC is preceded by a fast moving precursor film of sub-
monolayer thickness, on top of which the Co front may flow easily [37]. A majority of
the shrinkage occurs in during the solid state sintering [38].

Upon the subsequent melting of the binder phase WC grains become more mobile
and capillary forces pull the solid grains together which further densifies the material
[36]. The liquid binder also spreads and wets the carbide more effectively than in the
solid state. Coarsening of WC grains occurs through solution-reprecipitation according
to Ostwald ripening, where W and C atoms diffuse through the binder from smaller to
larger grains to reduce total interface area. WC grain growth is also believed to take
place by means of grain boundary migration [39]. The growth of the WC grains will
eventually lead to the formation of a rigid three-dimensional solid skeletal structure
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Chapter 2. Cemented carbides

with liquid dispersed in the spaces between solid grains [36]. This is supported by the
results of Paper I where we predict that most grain boundaries will be stable, i.e., they
will resist infiltration from the binder at liquid phase sinter temperatures. After this
stage the final densification occurs slowly and it is often common to apply an external
pressure which aids in closing the remaining pores. During the final stage the WC
grains continue to grow.

Experimental studies on the shrinkage in WC-Co cemented carbides during sinter-
ing shows that the shrinkage is faster in W-rich materials compared to C-rich materials
in the early stages of sintering [40, 38]. This is illustrated in Fig. 2.4, where the shrink-
age and shrinkage rate is plotted for one W-rich and one C-rich cemented carbide. The
fast shrinkage rate for C-rich materials might be explained by the better wettability in
C-rich materials compared with W-rich materials which have been found both in ex-
periments by Konyashin et al[41] and from computations in Paper I. Further, also in
the solid state a part of the densification is achieved by Ostwald ripening, facilitated by
diffusion of W and C atoms in the binder phase. The availability of W and C atoms is,
therefore, a rate limiting factor. Moreover, as the diffusion of W atoms is considerably
slower compared with C diffusion the availability of W atoms is likely more limiting
compared with the availability of C atoms. Since the solubility of W in the binder phase
decreases with an increasing C content, so does the availability of W for reprecipitation
giving a lower shrinkage rate. To maintain the shrinkage rate, the lower solubility has
to be compensated by a higher diffusion rate increase which accomplished by increas-
ing the temperature. The higher shrinkage rate for C-rich materials at the later parts
of the sintering could be the result of it having more pores left to shrink compared to
the W-rich material.

2.3 Controlling the phase constitution

It is crucial to control the phase constitution during the sintering cycle since the for-
mation of unwanted phases likely will deteriorate the mechanical properties of the
material [13]. In Fig. 2.5, the cross sections of the W-C-Co phase diagram at 6 and 10
wt.% of Co is shown. During sintering of WC-Co it is desired to stay within the fcc
Co + WC and liquid Co + WC two-phase regions [14]. It is evident from the phase
diagrams that the window of carbon contents for the fcc Co + WC two-phase region is
narrow especially for the cemented carbide with low Co content. If the amount of car-
bon is too low, complex carbides of W-Co-C, called eta phases (MgC and M,C), will
form during sintering. Here, M; means W;_,Co,, i.e., a mixture of W and Co. These
phases are characterized as brittle and will thus deteriorate the material [13]. When the
carbon content is too high, uncombined carbon will form a free graphite phase which
is undesirable since it undermines the mechanical strength of the material. However,
the graphite phase is not considered to be as detrimental as the eta phase. This demon-
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Figure 2.4: Shrinkage and shrinkage rate in W-rich (WC-Co,W) and C-rich (WC-Co,C)
WC-Co cemented carbides during sintering [38]. The shrinkage is represented by the
two lower curves, while the shrinkage rate is represented by the two upper curves. The
stars indicate the temperatures where the binder melts for the two materials. Tc marks
the Curie temperature for the two materials.

strates that controlling the carbon content is a critical parameter when manufacturing
cemented carbides. From Fig. 2.5 we see that the composition with equal amounts of
W and C lies within the two-phase region for both 6 and 10 wt.% of Co.

The cross sections of the W-C-Fe, W-C-Co, and W-C-Ni phase diagrams at 10 wt.%
of binder is shown in Fig. 2.6. In the three cemented carbides the fcc binder + WC and
liquid binder + WC two-phase regions are desired during sintering [14].

The phase diagrams of the three different systems are similar when comes to the phases
that are present. We see that the carbon window of W-C-Ni is comparable to that of W-
C-Co, however for W-C-Fe the carbon window is much narrower which complicates the
sintering process. For both W-C-Fe and W-C-Ni the composition with equal amounts
of W and C lies outside the desired two-phase region. In W-C-Fe with equal amounts
of W and C eta phase will form upon cooling and carbon, therefore, has to be added to
avoid formation of eta phase [14, 44]. However, in W-C-Ni with equal amounts of W
and C graphite will form upon cooling which means a lower carbon content is desired
[14]. Further, the higher sintering temperatures for W-C-Ni compared to Co leads to
carbon pickup which may cause graphite formation [15, 44]. Additionally, the vapour
pressure of is Ni high (10 times that of Co) which may lead to loss of Ni during sintering

13



Chapter 2. Cemented carbides

1500

L

1500

‘ T
1ig. +WC+ . )
14584 a T 14594 1ig.+WC+MEC lig.+graph.+WC |
11q. +WC+MEC N T J
5 14007 - v 1408 Lig+WC s
© 1350 a L 91350+ & -
v v
© 1308 - Y 1300+ [ "
L1258  fec+MECHUC & L Ugpsgq feetmeCHue Ky |
] fce+WC 5 /
% 1200+ / - + 1200 fce+UWC L
L C
ué_llS@ \ = 2‘_115@ fcc+WC+graph. L
L 11881  fcc+WC+M12C fec+lC+graph. [ L 11@@{ L
1050 - | - 19584 fcc+kC+M12C i
6 wtx Co / \ 10 wt% Co
1000 1 , 1000 — ,
5.4 5.7 6.0 5.4 5.7 6.0

Weight percent C

(a) 6 wt.%.

Weight percent C

(b) 10 wt.%.

Figure 2.5: Cross sections of the phase diagrams for the W-C-Co system at 6 and 10
wt.% of binder [42]. The dots on the composition axis indicates the compositions with
equal amounts of W and C. The low and high carbon contents that defines the carbon
window are marked with the letters a and b, respectively.

if the working pressure is not controlled properly [15].

In the DFT calculations in the appended papers we vary the chemical potential of
carbon in intervals that correspond to carbon contents between the graphite and eta
limits.

2.4 Tailoring the mechanical properties

There are several ways in which you can tailor the mechanical properties of the ce-
mented carbide. Let us consider the most common cemented carbide, WC-Co. The
most obvious parameter to change in a WC—-Co cemented carbide is the amount of W,
C, and Co in the material. Intuitively, an increased Co content will reduce the hardness
and wear resistance but increase the toughness of the material. As described in Sec. 2.3
too much or too little W or C will result in 1 phase or graphite formation which deteri-
orate the material properties. However, the properties of the cemented carbide within
the hexagonal WC + fcc Co carbon window, see Figs. 2.5 and 2.6, also depend on the
ratio between C and W. A higher W content gives a harder and more wear resistant
but also more brittle material compared with a material with lower C content [45]. The
main explanation for this is that the solid solution strengthening of the binder phase
is stronger from dissolution of W compared with dissolution of C. Also contributing
to the dependency of the material properties on the C and W content is the increased
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Chapter 2. Cemented carbides

grain growth of WC grains during sintering with increasing C content[46, 47], where
larger WC grains gives a tougher but also softer and less wear resistant material[5]. The
inverse relationship between the strength and average grain size of a polycrystalline
material is commonly referred to as the Hall-Petch relationship[48, 49].

There are other ways of reducing the size of WC grains to get a harder and less tough
material. For example, by adding small amounts of grain growth inhibitors such as VC,
TiC or Cr3C, or, alternatively, by using a finer WC powder. Additionally, by introduc-
ing large enough amounts of cubic transition metal carbides such as TiC, TaC or NbC
these will precipitate and form a solid solution with WC in the binder [5]. This makes
the cubic skeleton harder which gives an enhanced creep and wear resistance, however,
the material also becomes more brittle. CrC can also be added to the material, which
then segregates to WC/WC grain boundaries and WC/Co phase boundaries where it
hinders grain boundary migration and solution/re-precipitation of W and C atoms, re-
spectively [50, 51, 52]. During compression WC grains grows perpendicular to the load
axis[52] and grain boundary migration and solution/re-precipitation are likely impor-
tant process to get grain growth. With the segregated Cr these processes are limited
and the time needed to deform the material drastically increases which prolongs the
lifetime of the tool. This addition is mainly used in rock drilling tools.

All methods stated above only change the properties of the pure and homogeneous
material and they are, therefore, limited to the trade off between hardness and tough-
ness. There are, however, other ways of changing the mechanical behaviour of a mate-
rial that go beyond the overall composition and WC grain size. As already mentioned in
Sec. 2.1.4 the cemented carbide may be coated by a thin film of ceramic material which
increases the hardness and wear resistance without compromising on the toughness of
the material. This is also illustrated in Fig. 1.1. In order to support the hard coating and
preventing cracks from propagating down into the substrate several volume percent of
Ti, Ta and/or Nb carbonitrides are added to the material before sintering[53]. In the
cemented carbide, precipitates of these carbonitrides or other additions are referred to
as gamma phase. During sintering N leaves the material near the surface and Ti, Ta
and/or Nb diffuses towards regions with higher N content. A gradient of gamma phase
concentration is, therefore, formed with a thin surface layer with low concentration
compared to the rest of the material. This surface layer is, consequently, tougher than
the gamma phase rich bulk region, and it will resist crack propagation. This type of
sintering, where gradients of the phases are formed in the material under controlled
conditions, is called gradient sintering.

It is also possible to get a gradient of the Co content with less Co near the surface
and more in the bulk using other gradient sintering techniques [5, 54, 55, 56]. In this
way the surface layers are harder and more wear resistant while the bulk material is
more tough. Overall, you end up with a material that can combine a higher hardness
and toughness.
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Microstructure of cemented carbides

"We've gotta look a little, look a little, look a little closer.
To find out what we want to know ”

— Daniel Tiger’s Neighbourhood [57]

The microstructure of cemented carbides consists of facetted WC grains embedded in
a matrix of binder phase [58, 59]. This is illustrated in Fig. 3.1, where the typical
microstructure of a WC-Co cemented carbide is shown. The binder phase does not
completely surround the WC grains, instead, the WC grains form contacts with other
WC grains and thus build up a continuous skeleton. This microstructure ensures that
the high hardness of WC and the high toughness of the binder are combined which
makes this a unique material of great importance.

17




Chapter 3. Microstructure of cemented carbides

-

‘-‘h}‘

E‘!«J -€‘1-': S0 2um 1
, KBy al ide A @ el

Figure 3.1: Scanning electron microscopy (SEM) micrograph of the typical microstruc-
ture of a WC-Co cemented carbide with 12 at.% Co [58]. Brigth grey indicates WC and
dark grey indicates Co.

3.1 Hard phase - Tungsten carbide

In the W-C system there are three individual carbides present: W,C, hexagonal WC,
and cubic WC [26, 60]. The experimental W-C phase diagram contructed by Kurlov and
Gusev [60] can be seen in Fig. 3.2. The tungsten semicarbides, W,C, comes in three
different version, where two are hexagonal and one is orthorombic. These tungsten
semicarbides only exists in thermodynamic equilibrium above 1523 K. Cubic tungsten
carbide, y-WC;_,, has a rocksalt (B1) structure and is thermodynamically stable in the
2789-3058 K temperature range. Further, y-WC;_, is stable in the composition range
from WC 4 to stoichiometric WC which means that there can be a high carbon vacancy
concentration. This is similar to other cubic transition metal carbides, such as VC, NbC
and TiC [61, 62, 63].

The major carbide in the W-C system, and the one which is mostly relevant in ce-
mented carbides, is hexagonal tungsten (mono)carbide (6-WC). §-WC has a simple
hexagonal crystal structure with a two atom basis consisting of a W atom in (0, 0,0)
and a C atom in either (2/3,1/3,1/2) or (1/3,2/3,1/2) in terms of the hexagonal lattice
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Figure 3.2: W-C phase diagram [60], where W denotes bcc W, C denotes graphite, f+-
W, C denotes various tungsten semicarbides, 5-WC deontes hexagonal WC and y-WC
denotes cubic WC.

vectors (ay, ay, ¢), which are defined as

a_  aJ3 (3.1)
a]=——X— — :
1 5 5 y
a, = ax (3.2)
c = cZ. (3.3)

In Fig. 3.3, the structure and primitive cell are shown. The lattice parameters are a =
2.906 A and ¢ = 2.837 A, which implies that ¢c/a = 0.976 [27]. WC exhibits no deviations
from stoichiometry as it essentially contains no carbon vacancies [64, 65]. This is also
evident from the phase diagram in Fig. 3.2. The melting temperature of WC is 2993 K
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Figure 3.3: The hexagonal WC crystal structure. Large cyan coloured atoms are W and
small grey atoms C. The black lines mark the primitive cell.

[29], which is well above the relevant sintering temperatures, see Sec. 2.1. In contrast to
the binder phase, which dissolves appreciable amounts of WC, the WC phase dissolves
very little or no amount of Co or other binder phase atoms [4]. Small amounts, below
1 at%, of additional elements such as Ta, Nb, Cr, and V can dissolve in the WC phase
[66].

The chemical bonding in the WC phases is a complex mixture of covalent, ionic and
metallic components[67, 68, 69, 70]. In hexagonal WC the high hardness is mainly at-
tributed to the strong covalent W-C bond in combination with W-W bonds of metallic
character[67, 68].

The equilibrium shape of WC grains in Co is a truncated prism bounded by basal
(0001) planes and prismatic (1010) planes which is illustrated in Fig. 3.4a. TEM images of
real WC grains can be seen in Fig. 3.5. The truncated prism shape arises from differences
in interface energies of phase boundaries with prismatic (1010) WC planes of different
types, where the two types of prismatic surface arise due to the non-centrosymmetric
crystal structure of WC [71]. They are denoted S and T [72], and are illustrated in
Fig. 3.4b. The type can be determined by the number of bonds between atoms in the
terminating layer and the atoms in the second layer. A prismatic surface is of type S (T)
if the terminating W (C) atoms are bonded to four C (W) atoms, or if the terminating
C (W) atoms are bonded to two W (C) atoms. With an increasing carbon activity the
grains become less truncated. An increased carbon activity also leads to a larger WC
grain size after sintering which can be seen i Fig. 3.5. The typical WC grain size is
around 1 pm. The growth rate and thus the final grain size of WC varies for different
binder phases [46,47]. In WC-Fe, the grain growth is inhibited and the grain size of WC
is therefore smaller compared to WC—-Co. In WC-NIi, on the other hand, the growth
rate is larger than in WC-Co, and consequently, the final grain size is larger. This
difference in WC growth rate for the three different cemented carbides is illustrated in
Fig. 3.6, where microstructures of the three cemented carbides made from the same WC
powder can be seen.
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Figure 3.4: (a) Truncated prism shape of WC in cemented carbides. The prism is
bounded by basal and prismatic planes. (b) Illustration of the inequivalent prismatic
planes S and T seen from the [0001] direction [73]. The dashed lines show the prim-
itive cell which is also shown in Fig.3.3. Large cyan coloured atoms are W and small
grey atoms C.
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Figure 3.5: TEM images of WC grains viewed along the [0001] direction showing the
truncated triangular shape, where the anisotropy is larger in (a) the C-rich (graphite
limit) materials than in (b) the W-rich (eta limit) materials [71].
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Figure 3.6: Microstructures of WC-10 wt% Co/Ni/Fe materials, based on the same sub-
micron sized WC powder [46].

3.2 Binder phase

3.2.1 Cobalt

Pure Co appears in two different allotropic modifications: hcp and fcc [74]. The stable
phase at ambient pressure for temperatures below 695 K is hep with lattice parameters
a =2507 A and c = 4.070 A [75]. This means that the structure has a near to ideal c/a
ratio of 1.623. Above 695 K, the stable phase is fcc Co instead, with a lattice parameter
of a = 3.545 A. However, during cooling of Co the transformation from fcc to hep is slow
which means that both phases can coexist from 723 K down to room temperature [74].
The material is ferromagnetic up to 1394 K, its Curie temperature, where it transforms
to paramagnetic [75], and the melting point of Co is 1768 K.

The Co phase dissolves a high amount of both W and C at high temperatures [58].
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The solubility of W and C highly depends upon the temperature and the amount of
carbon in the material. For example, at 1425 °C with a liquid Co rich binder phase, the
amount of W and C in the Co binder ranges from about 9C+13W to 16C+6W (at%)
when the C-content increases from the n-phase limit to the graphite limit In the solid
case, at 1250 °C, the dissolution ranges between 1C + 9W and 3C + 3W (at%), instead
[30]. When the material is cooled the solubility of W and C is reduced and they start
to reprecipitate on WC grains in equal proportion. Due to the fast diffusion rate of
C compared to W and the low carbon activity in the sintering furnace, essentially no
C is found in the binder at room temperature, while the amount of W depends on
the rate of cooling. For a conventionel slow cooling rate a W gradient forms with a
depletion of W close WC/Co phase boundaries from the reprecipition on the WC grain
[76]. Farther away from the phase boundaries, i.e., in the middle of the binder pools,
the W concentration resembles that at approximately 900 °C. For fast cooling rates no
W concentration gradient is formed and the concentration freezes in at around 1100 °C.

With the dissolved tungsten and carbon atoms the fcc phase is stabilized [44, 58].
Additionally, tensile residual stresses at low temperatures probably also stabilize the
fcc phase. Further, since the fcc to hep transformation is slow, the predominant phase
of the Co rich binder in cemented carbides is, therefore, fcc even at low temperatures
However, some hcp is usually present due to the fcc-hep transformation [58].

The dissolved W and C also lowers the Curie temperature of the binder [38], with
a more pronounced effect in W-rich conditions compared to C-rich conditions. The
eutectic temperature of WC-Co is around 1550 K [43], which is well below the melting
point for pure cobalt.

The grain size of the cobalt binder phase is generally much larger than WC grains
with a typical size of larger than 10 ym for the binder compared to 1 ym for the carbide
(58, 77]. However, the binder phase grains do not fill up the volume which they span,
but they are rather interpenetrated by WC grains, which is illustrated in EBSD orienta-
tion maps of a WC-11Co (wt%) material in Fig. 3.7. Consequently, to characterize the
binder phase one uses the binder mean free path which is a measure of the thickness of
the binder pockets [58].

3.2.2 Nickel

The stable structure of pure nickel at ambient pressure is fcc with a lattice parameter
of 3.524 A [79, 80, 74, 81]. Nickel is ferromagnetic up to its Curie temperature of
631 K, where it turns paramagnetic [82]. The melting temperature of nickel is 1728 K
[81], which is lower compared to cobalt. The fcc structure of Ni is also kept in the
cemented carbide. Due to Co being by far the most used binder phase, less data on the
microstructure of other binders are available [58]. The solubility of WC in the binder
phase is less in WC-Ni compared to WC-Co. In contrast to WC-Co, where most Co
grains are larger than the WC grains, Ni grains are found to be both small and large
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(a) WC grains (b) Co grains

Figure 3.7: EBSD orientation maps of a WC-11Co (wt%) material: (a) WC phase and
(b) Co phase [78]. Black lines in (b) delineate Co regions with the same orientation.
The scale marker corresponds to 100 pm.

compared to the WC grains in WC-Ni cemented carbides. The eutectic temperature of
WC-Ni is around 1620 K, which is the highest among the WC-Fe, WC-Co and WC-Ni
cemented carbides.

3.2.3 Iron

Iron has three stable allotropes at ambient pressure called «, y, and § [83, 74]. a-iron,
or ferrite, has a bec structure with lattice constant 2.866 A and is the stable phase up
to the first transition temperature of 1184 K. Between 1184 K and 1667 K iron has an
fcc phase with lattice constant 3.647 A, which is called y-iron or austenite. At 1667 K
the system transform back to bcc again with a lattice parameter of 2.932 A. This phase
is called §-iron. The melting temperature of iron is 1811 K which is the highest of
the three studied binders. The magnetic state of iron is ferromagnetic up to the Curie
temperature 1043 K, above which, the material is paramagnetic [83]. Similar to cobalt
the disolved W and C atoms stabilize the fcc phase of Fe which is the predominant
phase in WC-Fe cemented carbides. The solubility of W and C in the binder in WC-Fe
is inferior to both WC-Co and WC-Ni [4]. Although the melting temperature for Fe is
higher than both Co and Ni, the eutectic temperature of WC-Fe is only around 1420 K,
which is the lowest of the three corresponding cemented carbides: WC-Fe, WC-Co
and WC-Ni [14].
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3.3 Interfaces in cemented carbides

There is a close relationship between the microstructure and the mechanical properties
of cemented carbides [58]. In particular, the phase composition, phase distribution
and grain size are of special importance. The phase distribution in cemented carbides
are to a large extent monitored by the relative energy of interfaces [58, 84]. In the
literature, there are many studies on the morphology of interfaces in WC-Co, however,
the literature is scarce on similar studies for systems with alternative binders. Hence,
this section will focus on interfaces in WC-Co cemented carbides.

The distribution of WC grain facet orientations in WC/WC grain boundaries and
WC/Co phase boundaries in a WC-Co cemented carbide was analyzed by Kim et al.
(85, 86]. To create the orientation maps, they used an orientation imaging microscopy
(OIM) system incorporated in a SEM, which uses the electron backscatter diffraction
(EBSD) technique, in conjunction with AFM. The orientation maps for the WC/WC
grain boundaries and WC/Co phase boundaries can be seen in Fig. 3.8.
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Figure 3.8: Distribution of WC grain facet orientations in a 12 vol% of cobalt sample
for phase boundaries (a) and grain boundaries (b) [85]. The basal facet orientation is
marked with a prism and the prismatic facet orientation is marked with an oval.

The distributions are plotted in multiples of a random distribution (MRD) for a hexago-
nal crystal. This means that orientations with areas greater than expected in a random
distribution have values greater than one, and orientations with areas less than ex-
pected in a random distribution have values less than one. The figures are stereograms
of a 3D distribution with the basal direction in the center and the prismatic orientation
on the periphery, which is marked by a prism and ovals respectively. The peaks for the
basal and prismatic orientations clearly show that these are the two most common WC
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planes in the WC—-Co microstructure. Using a 5° tolerance angle, Kim et al. found that
approximately 80% of the WC/Co boundaries and 60 % of the WC/WC grain boundaries
can be classified as having either one basal or one prismatic WC boundary plane.

3.3.1 WC/WC grain boundaries

The WC/WC grain boundaries are important for the material strength as the WC grains
build up a continuous skeleton in the cemented carbide [58]. Experiments show that
a majority of crack paths in WC-Co cemented carbides consists of broken up grain
boundaries [87]. Further, grain boundary sliding is thought to be the most impor-
tant deformation mechanism in cemented carbides at high temperatures[88, 89, 90, 91].
This demonstrates the importance of the strength of WC/WC grain boundaries when
it comes to the mechanical strength of the material. Moreover, in experiments where
the Co phase was etched out from the WC-Co cemented carbide, it was found that the
etched material was stronger but also more brittle compared to the cemented carbide
above 1100 °C in three-point bending tests [92]. This indicates that the presence of
the binder phase weakens the material at higher temperatures. It is believed that this
reduction in strength is due to WC/WC grain boundaries are being infiltrated by binder
phase and thus facilitating grain boundary sliding which is the dominating plastic de-
formation mechanism at high temperatures [93, 92, 91].

In experiments of the growth of WC grains during sintering it was observed that
WC/WC grain boundaries are typically curved at lower temperatures but straighten
out at higher temperatures and for longer sintering times [94]. It has also been demon-
strated both experimentally and from first principles calculations that grain boundaries
in WC-Co generally contain roughly 0.5 monolayer of segregated Co atoms [95, 51, 50,
96, 73]. This is demonstrated in an atom probe tomography (APT) reconstruction of
a WC/WC grain boundary in a WC-TiC-Co material seen in Fig. 3.9. When additions
are used in cemented carbides, such as TiC, NbC and ZrC, the metal atoms are in many
cases found to segregate to WC/WC grain boundaries [50, 96]. In Paper I the segre-
gation of binder atoms to WC/WC grain boundaries in WC-Co and WC-Ni cemented
carbides are investigated.

Grain boundaries are commonly characterized by the coincidence site lattice and the
misorientation of the adjoining crystals [97]. The coincidence site lattice index, %, is
defined as follows: If the two adjoining grains are translated such that the lattices co-
incide, then X is the inverse of the fraction of coincident lattice points [98, 99]. Since
the ratio c¢/a = 0.976 for WC is close to 1, it has the possibility of forming many low =
grain boundaries in the c¢/a = 1 approximation [87]. The most studied grain boundary
in literature is the 3 = 2 twist grain boundary which is formed upon a rotation of 90°
around a common [1010] axis [100], see Fig. 3.10. It has been studied experimentally
in Refs [101, 102, 103, 104, 94, 105] and using first principles in Refs [106, 107]. The
interface energy of the ¥ = 2 twist grain boundary is low due to the preserved bulk
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Figure 3.9: APT reconstruction of a WC/WC grain boundary in a WC-TiC~Co material
[96]. Green dots = W atoms, red = C, blue = Co, pink = Ti.

Figure 3.10: Simple sketch of the pure twist ¥ = 2 grain boundary arising from a 90°
rotation around a common prismatic [1010] axis (red arrow). The interface relation is
(1010)||(1010), [0001]]|[1210].
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like coordination across most of the interface [106, 108]. The special > = 2 twist grain
boundary in WC-Co has been found, both from experiments and modeling, to have
no segregated Co atoms [101, 106]. Further, the ¥ = 2 twist grain boundaries are, due
to their stability, believed to originate from the powder. This is supported by experi-
ments where the fraction of £ = 2 twist grain boundaries are shown to decrease during
sintering when small grains dissolve and larger grow [94, 103, 104]. Also, TEM investi-
gations on clusters in the powder and sintered material indicate that 3 = 2 twist grain
boundaries arise from the powder [102].

The population of misorientations (rotations) for grain boundaries in WC-Co was
measured by Kim et al. [85] and the results are displayed in Fig. 3.11. A clear peak at 90°
is seen which was identified as the > = 2 twist grain boundary. There is also a clear peak
at around 27°, which correspond to rotations around the [0001] axis resulting in ¥ = 13
[58]. In most cases, the grain boundary is bound by two (0001) planes (twist boundary),
however, grain boundaries with (1010) and (1210) planes (asymmetric tilt boundary)
also occur. In the study they found that the 90°/[1010] grain boundaries make up 11-
14 % of the total grain boundary population, whereas the same figure for the 30°/[0001]
grain boundaries was 2-3 %. Additionally, grain boundaries with a misorientation of
90° around the [1210] axis were more common than the expected value from a random
distribution. These grain boundaries are mostly bound by one basal and one prismatic
WC plane and the coincidence site lattice index for this grain boundary is ¥ = 97 [104].
As mentioned previously in Sec. 3.3, about 60 % of the grain boundaries in WC-Co can
be classified as having either one basal or one prismatic WC boundary plane [85].

3.3.2 WC/Co phase boundaries

The interface energies of the phase boundaries in cemented carbides are important for
the behaviour during sintering, especially when it comes to grain growth [58]. It is the
energy of the phase boundaries that determine the morphology of the WC grains in
cemented carbides [71]. Generally, WC/Co phase boundaries are planar and sharp lo-
cally [109]. In WC-Co with high carbon contents the WC grains are perfectly sharp and
faceted. However, for low carbon contents, the grains have slightly rounded corners
and steps are found on the WC/Co phase boundaries. To illustrate this, TEM images
of WC/Co Phase boundaries in a C-rich and a W-rich WC-Co cemented carbide are
shown in Fig. 3.12. Also in WC-Fe and WC-Ni cemented carbides are steps reported
in the WC/binder phase boundaries in materials with low carbon content but not in
materials with high carbon content[47].

During the solidification of the cobalt binder phase in WC-Co after liquid-phase sin-
tering the Co grains are allowed to grow without any preference to orientations of the
surrounding WC grains [10]. There is thus no orientation structure of general WC/Co
phase boundaries similar to the one observed for WC/WC grain boundaries. However,
as mentioned in Sec. 3.3, about 80 % of the phase boundaries in WC-Co can be classified
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Figure 3.11: Grain boundary population of WC crystals and random objects as a func-
tion of misorientation angle [86].

as having either one basal or one prismatic WC boundary plane [85]. Further, general
WC/Co phase boundaries in undoped WC-Co cemented carbides have been found to
have a thin, only a few atomic planes, WC;_, cubic layer at the interface [10, 11, 12].
When the material is doped with grain growth inhibitors such as VC, TiC, Cr3C,, TaC
or NbC, these are found to segregate to WC/Co phase boundaries and form thin cu-
bic (M\W)C,_, films, where M stands for either of the metal elements of the dopants
(12,110,111, 112]. A HRTEM image of a (Ti,W)C;_, film in a TiC doped cemented car-
bide can be seen in Fig. 3.13. In the case of VC doped WC-Co cemented carbides, the
formation (V\W)C;_, cubic layers is also supported by modeling [113, 114]. The grain
growth inhibition effect of these additives have mainly been investigated empirically
and the exact mechanisms behind the grain growth inhibition is still unknown. One of
the proposed mechanisms is that cubic films in WC/Co interfaces hinder the WC grain
growth by forming a diffusion barrier for dissolving and/or reprecipitating W atoms
[115]. Understanding how and why these thin films form is, therefore, important for
understanding grain growth inhibition. In Papers V and VI we study the formation of
thin cubic films in WC/Co phase boundaries and derive interfacial phase diagrams for
undoped and TiC doped WC—-Co cemented carbides.

Experimental studies on cobalt inclusions in WC grains reported phase boundaries
bounded by WC(0001) planes and Co(111) planes [116, 117]. Similarly, in small Co
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pools, phase boundaries bounded by WC(0001) and Co(111) or Co(001) where reported
[10]. In solid-state sintered cemented carbides these special orientations are frequently
found [40].

w100 NM . ;-‘7: ()0 NM

(a) C-rich (b) W-rich

w50 1M

(c) W-rich

Figure 3.12: TEM images of a perfectly faceted WC grain and sharp WC/Co phase
boundaries in a C-rich WC-Co cemented carbide (a), and stepped WC/Co phase bound-
aries in a W-rich WC-Co cemented carbide (b,c) [109].
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Figure 3.13: HRTEM image of a (T1i,W)C;_, film in a TiC doped cemented carbide [110].
The film has a thickness of two metallic layers. Ti atoms are found to segregate to the
first layer (m1) of the film, leaving one layer of W atoms (m2) towards Co.
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Thermodynamics

”A theory is the more impressive the greater the simplicity of its premises is, the more
different kinds of things it relates, and the more extended is its area of applicability.
Therefore the deep impression which classical thermodynamics made upon me. It is
the only physical theory of universal content concerning which I am convinced that
within the framework of the applicability of its basic concepts, it will never be over-
thrown. ”

— Albert Einstein [118]

4.1 Phase diagrams

Phase diagrams give the occurrence of stable phases as a function of the macroscopic
thermodynamic parameters temperature T, (external) pressure P and system composi-
tion X. The binary W-C phase diagram, containing bec W, graphite, §-WC and y-WC
is important for understanding the formation of complexions at phase boundaries be-
tween WC and Co in undoped WC-Co cemented carbides, see Sec. 4.3. Further, in the
manufacturing of cemented carbides the phase constitution in the W-C-Co system at
various temperatures and compositions is a crucial parameter, see Sec 2.3. In Paper IV,
the phase stability between the hexagonal §-WC and the cubic y-WC phases is investi-
gated and a phase diagram for bcc W, graphite, §-WC and y-WC is constructed based
on DFT calculations.

Traditionally, phase diagrams have been decided upon experimental observations.
However, if one is to calculate a phase diagram, one must first calculate, either numer-
ically or analytically, the free energy of the different phases (or structures) at relevant
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temperatures and compositions. Then, the total free energy of the system must be min-
imized by varying the amount of each phase given the macroscopic thermodynamic
parameters.
The free energy relevant for a system of fixed T and P is Gibbs free energy, G, which
is given by
G=U-TS+PV, (4.1)

where U is the internal energy, S the entropy and V' the volume. In Paper IV we only
consider the zero pressure case, hence the PV term vanishes and Helmholtz free energy,
ie. F =U-TS, equals G. To find the equilibrium free energy for a phase with N number
of atoms at temperature T and zero external pressure, F is minimized with respect to
the system volume while keeping T and N fixed.

The free energy is commonly divided into various contributions such as configura-
tional, vibrational, electronic and magnetic. How these contributions are treated in the
thesis is presented in Chapter 6.

If we denote the structure or phase by « the free energy of structure a with chemical
composition x and temperature T may be denoted G,(x,T). It is often convenient to
define a mixing free energy, i.e., the free energy of the system relative to the free ener-
gies in the corresponding pure phases for all constituents. In a hypothetical A-B binary
system the mixing free energy for composition x = ng/nu, where n; is the amount of
element i, will be defined as

1+x (4.2)

G (. T = Gy (o T) ( pa(T) + XﬂB(T)> |
Here, pa(T) and pg(T) are the free energies in the pure A and pure B phases, respec-
tively. Once G (x, T) is known, a convex hull may be generated. The convex hull is
the free energy per atom in a system of composition X at temperature T. It is found
by minimizing the free energy of the system with the amount of each phase o and its
individual composition as free variables. A common effect of this is that you get a mis-
cibility gap, i.e., a composition range where the system decomposes into two phases
with compositions different from the that of the whole system[119]. An illustration of
how the convex hull is constructed for the hypothetical binary A-B system is shown in
Fig. 4.1a. Using the convex hull for various temperatures allows for construction of a
temperature vs. concentration phase diagram. An illustration of the phase diagram for
an imaginary two phase system is shown in Fig. 4.1b. The miscibility gap is illustrated

as a two phase region.

4.2 Interface and surface free energy

Thermodynamics of interfaces and surfaces in cemented carbides determine to a large
degree the microstructure after sintering, which in turn determine the mechanical
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tem. Adapted based on Fig. 3.6b in Ref. [120] tem. The dotted red line indicates the convex
hull from (a). Adapted based on Fig. 3.6¢ in
Ref. [120]

properties of the material [58, 84]. All appended papers but Paper IV deal with as-
pects of interface and surface energetics in cemented carbides. The fundamental quan-
tity related to the creation of an interface/surface is the interface/surface free energy,
y [97]. To define y, we must first define the interface/surface system rigorously. We
may consider only the more general case of interfaces since surfaces are a special case
that can be defined analogously to interfaces. Let us consider two phases which are
in contact along a planar interface of area A. The interface system is in equilibrium
with reservoirs which provide the system with atoms. The entire system, i.e. the two
phases, the dividing interface and the reservoirs, are held at constant temperature T,
pressure P and chemical potential y; for each of the components. Additionally, the two
adjoining bulk phases are assumed to be large in comparison with the interface system.
By using a combination of the first and second laws of thermodynamics, the change in
total energy, U, due to a reversible change of the interface system may be written as

C
dU =TdS — PdV + ) pdN; +ydA, (4.3)
i=1
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where S is the entropy, V the volume of the entire interface system, C the number of
components and N; the number of atoms of component i. This is analogous to the
expression for a bulk system, apart from the last term ydA, which is added to account
for the change in total energy associated with a change in area of the interface. Directly

form Eq. (4.3) we get
oUu
Y= [_

aA] SV.N,

which means that the interface free energy is defined as the change in total energy of the
interface system per unit increase in interface area, at constant S, T, and N;. However,
it turns out that relating y to Gibbs energy G gives the most useful expressions for
atomistic calculations. If we integrate Eq. (4.3), we obtain

(4.4)

C
U=TS—PV+ Y N +yA, (4.5)

i=1

which can be combined with the definition for G, see Eq. (4.1) to get

r=~lo- iluN] m

This means that y is the excess Gibbs energy per unit interfacial area due to the presence
of the interface.

4.3 Complexions and interfacial phase diagrams

Often, interfaces (or surfaces) are considered as two dimensional (planar) defects with
no out-of-plane extent. However, in many cases atoms segregate to the interface, thus
changing the chemistry near the interface. The structure near the interface may also
differ from the structure of the adjoining phases. Both the structure and chemistry
may, therefore, change continuously across the interface rather than abruptly at a di-
viding surface. Further, in some cases, the interfaces may be considered as quasi-two-
dimensional “phases” that, similar to ordinary bulk phases, may undergo phase-like
transitions in which their structure and chemistry changes abruptly at critical values
of thermodynamic parameters [121]. Since these interface phases should not be con-
fused with ordinary phases they may be referred to as complexions. Cantwell et al.[121]
presented the following definition for complexions: "A complexion, concisely defined,
is interfacial material or strata that is in thermodynamic equilibrium with the abutting
phase(s) and has a stable, finite thickness that is typically on the order of 0.2-2nm. A
complexion cannot exist independently of the abutting phases and its average compo-
sition and structure need not be the same as the abutting phases.”
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In WC-Co cemented carbides complexions are most frequently observed in WC/Co
phase boundaries [10, 12, 11, 110] and we, therefore, only consider complexions in
WC/Co phase boundaries. Further, in WC/Co phase boundaries complexions are com-
monly referred to as thin films.

We can study the stability of the thin films by introducing a simple model in which
the original phase boundary, which has no thin film, is removed and replaced by two
new phase boundaries plus a thin cubic bulk MC phase[122]. Here, M may denote
either dopants such as Ti and V, but also W in the case of undoped WC-Co cemented
carbides. The interface free energy of the original phase boundary is denoted yywc/co
and the interface free energy, i.e, the excess free energy per unit area, of the thin film
system may be written as

Yilm = Ywc/Me + YMc/co + N (Agnmc + emc) » (4.7)

where ywe/me and yaveco are the interface free energies of the phase boundaries be-
tween hexagonal WC and cubic MC and cubic MC and Co, respectively. Further, N
is the number of cubic layers and Agyc is the free energy cost for creating the MC
phase per layer relative to reference states of the included elements, and eyc is the
strain energy introduced when matching the film with WC. For a film to be stable,
Yalm < Ywc/co must be fulfilled. Further, since the last two terms Eq. (4.7) can not be
negative a necessary condition for stabilizing a film is

YWC/Co — ()’WC/MC + }’MC/Co) >0, (4.8)

i.e., the total interface free energy of the thin film system, disregarding Agyic and eysc,
must be lower compared with the interface free energy of the original phase boundary.
If this condition is fulfilled it is possible to stabilize films even if the bulk MC phase is
not stable. This simple model demonstrates how stabilizing thin films is a process that
is governed by interface energetics. The thickness of the film is chosen such that ygj,
is minimized. Further, the structure, i.e. orientation and translation, of the film relative
to the original phase boundary must be optimized.

Using this methodology and approximating the free energies with total energies cal-
culated from density functional theory (DFT), thin films are predicted to form in VC
doped WC-Co cemented carbides but not when the material is doped with TiC [122].
Further, this method predicts that thin films in undoped WC-Co cemented carbides
should be highly unfavourable, see Paper V. However, in all these cases complexions
has been observed experimentally [10, 12, 11, 110]. To predict stable films in TiC doped
and undoped WC-Co cemented carbides it is necessary to use free energies rather than
total energies from VASP. This includes modeling configurational, vibrational, and elec-
tronic free energies. The composition of film must also be optimized. Further, for ultra-
thin films with only a few atomic layers of MC phase it may not suitable to assume that
the two interfaces surrounding the film are non-interacting. Therefore, it is necessary
to treat the film as one entity and compute the excess free energy of the entire film.
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If we use the definition of interface free energy from Eq. (4.6) the interface free energy
for the interface/thin film in a closed system with only one interface/thin film with n;
atoms of each kind and structure « is given by

Y(Tongyat) = %(G(T, R (1)),

where G(T, n;, @) is the total free energy of the interface system, A the total interface
area and g4(T) the chemical potential of species i for a given temperature. p;(T) are
related to the actual composition of the entire cemented carbide, X. Since the com-
position of the thin film is negligible when considering the composition of the whole
cemented carbide, both n; and « are optimized to give the interface free energy for the
interface/thin film system, y(T). An interfacial phase diagram will give the optimal
structure  given some thermodynamic parameters such T and X or T and ;.

In Papers V and VI we optimize the interface structure and chemistry of WC/Co
interfaces by calculating the change in interface free energy, Ay, relative to an ideal
WC/Co interface structure, ¢;qe,], according to

AY(Ts n, 0{) = }/(T’ n, 0() - }/(T, N ideal> aideal) (4'9)

for various structures, chemical potentials and temperatures. The model structures of
Papers V and VI are presented in Sec. 5.4.2. By calculating the relative free energy to
Qideals the absolute free energy is not needed for any state, which allows for a lot of sim-
plifications and cancellations. Further, the optimal interface structure and composition
can be found by minimizing Ay. This modeling uses the thermodynamic paramters: T
and g, which are most suitable for atomistic calculations. However, the chemical po-
tentials may be linked to the overall composition using other thermodynamic data, e.g.,
from the THERMO-CALC software [123]. In this way, interfacial phase diagrams given
T and X or T and y; may be constructed.

4.4 Interface and surface stress

Another important quantity, which is related to the interface/surface free energy, is
the interface/surface stress 7;; [97]. The stress arises due to the different environment
at the interface/surface compared to the bulk. For example, at the surface of a metal
the atomic bonds are usually stronger than in the bulk since there are fewer bonds at
the surface in which the valence electrons reside. As a consequence, the atoms at the
surface would like to contract to get closer spacings. However, if the surface layer does
not reconstruct and if no defects are introduced near the surface, the atomic spacing
in the surface plane are equal to the ones in the bulk, i.e. it is completely coherent.
Maintaining this coherency requires internal stresses parallel to the surface plane. The
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bulk thus exerts a tensile stress on the surface while the surface exerts a compressive
stress on the bulk.

Since the stress exerted by the bulk and interface/surface are parallel to the inter-
face/surface plane, the interface/surface stress, zj, s a rank 2 tensor where the perpen-
dicular directional dependence of the regular bulk stress has been removed by means
of integration along the perpendicular direction. Its dimension is therefore the same as
that for interface/surface free energy, y, and not to that of excess stress per area. The
terms interface stress and surface stress are therefore a bit unfortunate. It is possible to
obtain a relation between 7; and y if a small strain dg;; = de = dTA is applied parallel to
the interface or surface plane. For simplicity we assume that the interface/surface stress
is independent on direction, i.e. 7;; = 7. The change in G from the interface/surface is
d(yA) and since the bulk is balancing the stress from the interface/surface, the work
done in stretching the bulk must be —rdA. Additionally, since the whole system is re-
laxed, i.e., there is no net stress on the system, the work involved in stretching, and
thus the change in G, is zero. We therefore end up with

dG =d(yA) —rdA =0, (4.10)
which may be simplified to
dy
= A— 4.11
r=y+ AT (4.11)

which is known as the Shuttleworth equation [124].

For a liquid surface, the last term of Eq. (4.11) is zero since the atoms are free to move
to or away from the surface when it is strained [97]. The surface stress, which in this
case is commonly called surface tension, is then equal to the surface free energy. This
equality is used to calculate liquid surface free energies in Paper II. In solids, however,

the magnitude of A% may be comparable to y.

4.5 Wetting

4.5.1 Wetting of surfaces

Wetting is an important technological parameter for many material processes includ-
ing joining, solidifcation, and composite processing [3]. In the sintering of cemented
carbides the wettability of the binder phase on the carbide is important to achieve de-
sired densifiaction. Wetting is a measure of the interfacial energies in a system, and is
therefore a parameter associated with equilibrium thermodynamics. A concept related
to wetting and of equal importance for technological processes is spreading, which is
the rate by which a liquid spreads in contact area with a solid. However, this is a non-
equilibrium process which can not be investigated using equilibrium interfacial ener-
gies. Wetting is fundamentally governed by the chemical content and atomic structure
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Figure 4.2: Figure showing spreading of binder phase (M) on a WC surface.

of the interfaces as well as bulk phases. In Paper I, the wetting of WC surfaces by the
binder phase in WC-Co and WC-Ni cemented carbides is investigated.

The degree by which the binder phase wets a WC surface is determined by the bal-
ance between the energies of the three different interfaces that are formed during the
wetting; the WC surface energy owc, the WC/M phase-boundary energy ywe/m, and
the binder surface energy oy;. A common measure of the degree of wetting is the
spreading parameter S, which is defined as the difference in interface energy between
the dry and wet case, i.e.

S = owe — (rwem + ow)- (4.12)

This parameter gives the driving force for a spreading similar to the one shown in
Fig. 4.2, where the WC surface area is replaced with equal areas of phase boundary and
binder surface. However, it does not give any direct input on the kinetics of the spread-
ing process. With the above definition of the spreading parameter, the binder phase
is assumed to be taken from a reservoir, large enough in order to omit the change of
reservoir surface area, which implies that the total surface area of the binder increases
during the spreading process.

From Eq. (4.12) it follows that it is energetically favourable for the binder to spread on
the carbide, i.e. S > 0, if the total interface energy is smaller in the wet case compared
to the dry case. This situation is referred to as perfect wetting. Otherwise, if spreading
is unfavourable and S < 0, the wetting is only partial. The situation of partial wetting
may be described by the contact angle 6 between the binder and the carbide that forms
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Figure 4.3: A binder (M) droplet on a WC surface with the contact angle 6.

when a drop of binder is placed on a WC surface, see Fig. 4.3. Traditionally the angle is

said to be determined by considering the force balance from the surface stresses (surface

tensions) in the WC interface plane between the three interface energies, which yields

the Young equation

OWC ~ YWC/M
oM .

cosf = (4.13)
Combining the Young equation with the definition for S in Eq. (4.12) yields the Young-
Dupré equation

cos@=1+S/oc, (S<0). (4.14)

If 6 = 180°, the system is non-wetting, i.e. the droplet will not form any phase boundary
with the substrate, and if @ = 0°, there is perfect wetting. The relations in Eqs (4.13) and
(4.14) can be conveniently used for studying changes in wetting experimentally [125].
The approach of force balancing for relating 6 to the interface energies is not quite
correct since there is no balance of forces perpendicular to the WC interface plane [125].
Further, as shown in Sec. 4.4, the interface stress is generally different form the interface
free energy. There is another approach for relating 6 to the interface energy that will
yield the same set of equations, but which only considers the interface energies: If the
shape of the droplet is assumed to be a spherical cap, then the contact angle and volume
(area in the 2D representation in Fig. 4.3) of the drop can be related. Further, knowing
the shape and volume of the cap, allows for determination of interface areas. Then,
minimizing the total interface energy in the system under the constraint of preserving
the volume of the drop then yields the relation in Eq. (4.13) [126]. This derivation only
holds for droplets with the shape of a spherical cap, while in the presence of gravity
the drop will deform. It is, however, possible to derive the Young equation, Eq. (4.13),
for more general shapes of droplets that includes the presence of gravity [127, 128].
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During sintering of WC-Co cemented carbides, a significant part of the densification
occurs already during heating when the binder is still in the solid state [84]. This indi-
cates that Co wets WC already before it melts while still in the solid state, and the same
behaviour is expected for the other binders. When dealing with wetting with solid
phases, the anisotropy of the interface energies and thus the crystal shapes should be
taken into account [3]. Further, the concept of contact angle is not meaningful in a
situation where a crystal wets a substrate since the apparent angle is highly sensitive
to the anisotropic crystal shape. In Paper I, we therefore focus on the driving force for
wetting, i.e. the spreading parameter.

In 1965, Ramqvist [125] performed wetting experiments of pure liquid Co and Ni on
WC which indicated perfect wettability with 6§ = 0. The pure formats of Co and Ni
are, however, not representative for the binder alloys in a cemented carbide. In a more
recent study, Konyashin et al. investigated the wettability of liquid Co rich binder
alloys on WC with a varying carbon content [41]. In the experiments four different
binder alloys was used: one W-rich containing eta phase (alloy 1), one W-rich but
without eta phase (alloy 2), one C-rich without graphite formation (alloy 3), and one
C-rich with graphite formation (alloy 4). Cylinders of these four alloys was placed on
top of WC substrates an subsequently heated under controlled conditions to melt the
binder alloy. The alloys were then kept in the liquid state for 35 s before cooling. The
resulting appearance of the alloys after melting and cooling can be seen in Fig. 4.4.
It is apparent that the wettability decreases with increasing carbon content. The low
carbon alloys show a perfect wetting of the WC substrate, but for the high carbon
alloys the wetting is only partial. The wetting angles of alloy 3 and alloy 4 where
measured to 7 and 15 degrees, respectively, see Fig. 4.5. This increasing wettability
with decreasing carbon content is in agreement with the increased shrinkage rate with
decreasing carbon content during sintering observed by Bounhoure et al. in Refs [40,
38], see Sec. 2.2.

4.5.2 Wetting of grain boundaries

The binder phase in cemented carbides can also wet WC/WC grain boundaries by infil-
trating them and thus replacing the grain boundary for phase boundaries, see Fig. 4.6.
The excellent mechanical properties of cemented carbides are highly dependent on the
existence of a continuous network of WC grains [4]. Therefore, the ability for WC/WC
grain boundaries to resist infiltration by the binder phase is an important property and
it is investigated in Paper L

To avoid confusion with the wetting of WC surfaces we refer to the wetting of
WC/WC grain boundaries as WC/WC grain boundary infiltration. The driving force
for infiltration can be assessed by calculating an infiltration parameter Wj,r equal to
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(b) Alloy 2 (W-rich)

(c) (Alloy 3 (C-rich) (d) Alloy 4 (C-rich with graphite)

Figure 4.4: Appearance of binder alloys on WC substrates after melting and cooling,

(a)-(d) [41].

(b) Alloy 4 (C-rich with graphite)

Figure 4.5: Cross sections and contact angles of alloy 3 and alloy 4 on WC substrate
[41]
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the difference in interface energy between the dry and wet case:

Wine = ywerwe — (rwem.r + ywe/mz)- (4.15)

It is thus favorable to replace a WC/WC grain boundary with two WC/M phase bound-
aries, i.e there is a thermodynamic driving force for grain boundary infiltration, if
Wins > 0. Otherwise, if Wj,¢ < 0, the grain boundary will resist being infiltrated by
binder phase.

Figure 4.6: A schematic picture showing the energies involved in infiltrating a WC/WC
grain boundary with binder phase (M).

4.5.3 Effect from changes in local chemistry and structure

Both the wetting of WC surfaces and WC/WC grain boundaries are sensitive to the
local chemistry of interfaces and surfaces. Since the local chemistry effects the sto-
ichiometry of the interfaces the dependence of the carbon content (carbon chemical
potential) is also affected. If, for example, the stoichiometry of the equilibrated WC
surface is different from that of the equilibrated WC/M phase boundary, the spreading
parameter (Eq. (4.12)) will be sensitive to the carbon content in the material. This type
of effect is investigated in Paper I for WC surfaces and WC/WC grain boundaries.

In the case of WC surfaces, adsorption of Co may affect wetting and spreading dif-
ferently as wetting is governed by the balance of equilibrated interface energies, while
spreading is a kinetic process where equilibration of interfaces may or may not occur
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Figure 4.7: A schematic picture of the spreading of a liquid on a substrate, where
the substrate surface can equilibrate by adsorbing atoms from the liquid phase either
through the vapour phase or through diffusion along the substrate surface [3].

depending on the speed of the processes involved [3]. This is illustrated in Fig. 4.7,
where a drop of liquid is spreading on a substrate where a precursor adsorbate of liquid
phase atoms is present which either diffuse over the substrate or evaporate from the
vapour and adsorb to the substrate surface. However, if the spreading is fast enough,
the substrate will not equilibrate, and it is thus the clean substrate surface energy which
is relevant for the driving force.

Changes in the local structure of interfaces and surfaces, i.e. the formation of com-
plexions, will also have an effect on the wetting of WC surfaces and WC/WC grain
boundaries since the interface and surface free energies are lowered. In cemented car-
bides complexions are most frequently observed at the phase boundaries between WC
and Co. The wettability will, therefore, increase once these complexions can be formed.
It is, however, not certain that the kinetic process of Co spreading on WC will be fa-
cilitated by complexions since the phase boundary may not be able to equilibrate and
form the complexion at the same rate as the spreading.

4.6 WC/WC grain boundary strength

The excellent mechanical properties of cemented carbides are highly dependent on the
strength of their interfaces [93, 92, 129, 130]. In Paper I we investigate the stability
of the continuous WC skeleton by considering infiltration of Co binder phase using
the infiltration parameter defined in Eq. (4.15). It is a parameter designed to match
the spreading parameter for surfaces. Its value is the negative of the work required to
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Figure 4.8: A diagram showing the energies involved in cleaving or infiltrating a
WC/WC grain boundary, excluding plastic processes. This demonstrates the relation
between Wep, Wad, and Wipp. This diagram has been adapted from an original diagram
relating e, and W4 presented in Ref. [131].

infiltrate the grain boundary with Co, i.e. the work of infiltration #;,s. The strength
of a grain boundary, or a more general interface, can also be measured in terms of
the work of adhesion 7,4 and the work of separation %, A diagram of how these
quantities are related for WC/WC grain boundaries is seen in Fig. 4.8. Here follows
descriptions and derivations of the different work terms.

4.6.1 Work of adhesion

The work of adhesion 7, is the reversible free energy change associated with trans-
forming an interface into two free surfaces while keeping the system in equilibrium
with its environment [131]. Hence, this corresponds to slow decohesion. An explicit
expression for the work of adhesion can be derived by consider a closed, isothermal sys-
tem where two phases are in contact along an interface of area A,. An external device
work 7/ is required to separate the interface to two free surfaces under constant pres-
sure P while keeping the chemical potentials y; uniform among all parts of the system,
which in turn are allowed to exchange mass with one another. In order to quantify
W we return to Egs. (4.3), (4.5), and (4.1), where U and G were defined. If multiple

46



4.6. WC/WC grain boundary strength

interfaces are included in the reversible change of the system, Eq. (4.3) becomes
C D
dU =TdS— PdV + ) pydN; + ) y;dA;, (4.16)
i=1 j=1

where D is the number of interfaces with interface free energy y; and area A;. By using
Eq. (4.1) the change in Gibbs energy dG becomes

C D
dG = —-SdT + VdP+ ) 1ydN; + > y;dA;. (4.17)
i=1 j=1

From the definition of the process, the whole change in G, and hence the work done by
the device, is covered by the interface term in Eq. (4.17), and we obtain

AW = dG = Y y;dA;. (4.18)

D
=1
In the case of a WC/WC grain boundary this can be written as

d7" = ywerwedAwewe + owei1dAwer + owcadAwces, (4.19)

where oy 1 w2 are the equilibrated surface energies, yywc/wc is the grain boundary
energy and dA; represents the change in their respective area. Here, the more common
notation of o for surface energies has replaced y. From the definition of the process
the surface areas should grow at the same rate dA = dAywc; = dAwcs, and this should
in turn be the negative of the change in grain boundary area, i.e. dA = —dAwc/wc-
Consequently, Eq. (4.19) becomes

dw" = [Uwa +owez — YWC/WC]dA- (4.20)

The total work in the defined process is then

v = [Uwc1 +owez — }’WC/WC]AO- (4.21)
The work of adhesion 7,4 should be expressed as work per area, and consequently

Waa = owci + owce — Ywe/we- (4.22)

In an actual cleavage experiment, plastic processes require energy, and %4 is, there-
fore, a lower limit to the actual work required in a cleavage experiment.
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The work of adhesion for a general solid/liquid phase boundary may be written as

Wad = Osolid + Oliquid ~ ¥solid/liquid- (4.23)

If the liquid wets the solid partially, see Sec. 4.5, 7,4 may be expressed in terms of the
contact angle ¢ and the liquid surface free energy oy;quiqg according to

W'ad = Oliquid (1 + cos0). (4.24)

This equation is useful when doing experimental measurements of the adhesion strength
of solid/liquid interfaces when the wetting is partial. By measuring the contact angle
and the liquid surface energy the adhesion strength can be calculated.

4.6.2 Work of separation

The work of separation %, is the reversible work associated with cleaving the inter-
face, neglecting plastic work and equilibration of the resulting surfaces through diffu-
sion processes [131]. This, therefore, corresponds to a fast decohesion. In the case of a
WC/WC grain boundary it is defined as

Wsep = Ger + Owez — YWC/WC (4.25)

where ywewe and oy 1y is the grain boundary energy and the resulting unequili-
brated surface energies, respectively. Since the equilibrated surface energies are lower
than the unequilibrated ones, it follows that 7,4 < W) This is illustrated in Fig. 4.8.

4.6.3 Work of infiltration by the binder phase

The work of infiltration %/, is the work required to infiltrate a WC/WC grain boundary
with binder phase and thereby replacing it with two phase boundaries, see Fig. 4.6. It
is therefore defined as

Wing = Ywe/M1 + YWC/M.2 — YWC/WCs (4.26)

where ywe/m1 and e/ 2 are interface energies of the resulting phase boundaries.
Since the phase boundary energies generally are much lower than the WC surface en-
ergies, Winf << Woq, which is illustrated in Fig. 4.8. The work of infiltration is the neg-
ative of the driving force for infiltration as defined in Sec. 4.5.2. With this definition of
W, infiltration is favourable if 7;,s < 0 and unfavourable if 7;,¢ > 0. However, one
can argue that in order to infiltrate the grain boundary it first has to be cleaved and then
infiltrated (wetted) by binder phase. Consequently, even if infiltration is energetically
favourable, the barrier for infiltration is still roughly given by #.,. Alternatively, if
the infiltration occurs through a diffusional process where atoms in the grain boundary
are interchanged, the barrier is more related to the activation energy for diffusion.
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surfaces in cemented carbides

As stated in Sec. 4.2, the fundamental quantity related to the formation of an interface
(surface) is the interface (surface) free energy y [97]. The value of y will depend on
the thermodynamic parameters for the reservoir: e.g. temperature and composition
[132]. The pressure contribution is here assumed to be negligible. If y is minimized
given these parameters an interfacial phase diagram may be created. However, a few
geometrical parameters must be set to specify which interface or surface y refers to.

Consider the general case of an interface between two solid grains. The first geo-
metrical parameter to be set is the relative rotation between the grains[132]. Secondly,
the interface normal for each grain needs to be specified. These macroscopic degrees of
freedom are enough to specify the interface. For a solid/liquid interface or solid surface
only the interface normal of the solid needs to be specified. Further, for a liquid surface
there are no degrees of freedom.

There are additional microscopic degrees of freedom which need to be optimized
in order to find the equilibrium interface geometry and y. These include the relative
translation displacement between the two grains and the translational displacement of
the grain boundary plane along its normal direction relative to the two crystal lattices.
Further, the local structure and composition in the interface must be optimized. This is
where formation of complexions and segregation is included. All of these microscopic
parameters must be optimized simultaneously as, for example, changes in the local
structure might effect the optimal translation displacement between the grains.

In Sec. 3.3, experimental findings from the literature regarding the morphology of
WC/Co phase boundaries and WC/WC grain boundaries in WC-Co cemented carbides
were presented. The most important finding was that 80% of WC/Co phase boundaries
and 60% of WC/WC grain boundaries can be classified as having a boundary plane that

49




Chapter 5. Model geometries of interfaces and surfaces in cemented carbides

is either basal or prismatic. We use this information to construct model WC/WC grain
boundaries, WC/binder phase boundaries, WC surfaces, and binder surfaces which are
appropriate for atomistic calculations. The binder/binder grain boundaries are omitted
since, in WC-Co cemented carbides, Co grains generally are much larger than WC
grains [77, 58] and the Co/Co grain boundaries therefore do not contribute as much to
the properties of the final material as do the other interfaces. Moreover, in Ti doped
cemented carbides, which are studied in Paper VI, or other doped cemented carbides,
the gamma phase (Ti rich cubic carbide) will precipitate if the concentration of dopant is
large enough. These precipitates will effect the microscopic properties of the material.
However, in Paper VI we are only interested in the formation of TiC films/complexions
at WC/Co phase boundaries for concentrations below the solubility limit of Ti in the
binder. Hence, general interfaces with gamma phase are disregarded.

Since DFT calculations are quite computationally heavy, rather small repeating unit
cells (only up to hundreds of atoms) are required. However, using a faster computa-
tional method, like an inter-atomic potential, the system sizes can be increased signifi-
cantly. The model WC/binder phase boundaries, WC surfaces, and binder surfaces are
constructed based on WC planes in the model grain boundaries. Further, all atomic
structures are generated using the Atomic Simulation Environment (ASE) [1].

5.1 WC/WC grain boundaries

When searching for model grain boundaries we use the ¢c/a = 1 approximation. In order
to get small repeating unit cells for the model grain boundaries, a small coincidence
site lattice index ¥ (defined in Sec. 3.3) is required. As stated in Sec. 3.3.1, the ¥ =
2 twist grain boundary is the most common grain boundary and it associated with
very low interfacial energy. However, as the ¥ = 2 twist grain boundaries originate
already from the powder [102] they do not play an essential role in the formation of
the final continuous skeleton of hard WC grains. They are, therefore, not an appropriate
choice as model for a more general grain boundary relevant for studying the stability
of the WC skeleton. The second most common grain boundary is the 30°/[0001] grain
boundary, most frequently bound by two basal planes, which has a coincidence site
lattice index of ¥ = 13 [85, 58]. Due, to its rather high ¥-value it requires quite large
repeating unit cells which makes it inappropriate for DFT calculations. The third most
common grain boundary was found to be 90°/[1210] which were mostly bound by one
basal and one prismatic WC plane. However, since the coincidence site lattice index for
this grain boundary is very high, > = 97, it is not appropriate for DFT calculations. We
therefore have to look for other grain misorientations that give rise to low X-values.
The two lowest possible X-values are ¥ = 2 and ¥ = 4 which are the results of
90°/[1010] and 60°/[1210], respectively. Instead of the pure twist > = 2 grain boundary
we therefore choose the 3 = 2 tilt grain boundary, bound by one basal and one (1210)
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5.1. WC/WC grain boundaries

plane, as a model grain boundary. The basal boundary planes can be seen in Figs 5.1a
and 5.2a, and the and (1210) boundary planes can be seen in Figs 5.1c and 5.2c. This
type of grain boundary has been observed experimentally in Ref. [133]. We also choose
the 60°/[1210] 3 = 4 tilt grain boundary bound by one prismatic and one (1012) plane
as a model grain boundary. The prismatic boundary planes can be seen in Figs 5.1b
and 5.2b, and the (1012) boundary planes is seen in Figs 5.1d and 5.2d. Experimental
findings indicating the presence of this ¥ = 4 grain boundary in cemented carbides
is found in Ref. [134]. This choice of model grain boundaries ensures that we end up
with small repeating unit cells as well as having grain boundaries bound by at least one
basal or one prismatic WC plane.

We use the ¢/a = 1 approximation to choose our model grain boundaries. However,
in the DFT calculations in Paper I we fix the simulation cells in the interface plane
but use vacuum regions at the two remaining WC planes not in the grain boundary.
This means that the systems are allowed to relax in the direction perpendicular to the
interfaces. Since the orientation of the grains in a grain boundary are different they will
relax differently. To solve this, we vary the value of a = ¢ and choose the value where
the two grains relax, perpendicular to the grain boundary planes, such that the energy
of a WC unit is equal in both grains. The two grains are thus in equilibrium with each
other and we use the strained WC phase as reservoir for the grain boundary system.
In the temperature dependency calculations in Paper II the atoms in the bulk of the
model systems are not allowed to relax, but only those near interfaces, consequently,
the value for a = c can be kept the same for both adjoining WC phases. The value for
a = c is found from thermal expansion calculation of bulk WC with the constraint of
a=c.

5.1.1 X = 2 model grain boundaries

Due to the lack of mirror symmetry of the prismatic planes, see Sec. 3.1, it is possible to
construct two different ¥ = 2 tilt grain boundaries that are not related by an interface
translation. By rotating one of the grains 180° around an axis perpendicular to the
prismatic axis (e.g. the basal or [1210] axes), the lattice is equivalent, however, the
positions of the C atoms has changed. This means that prismatic axis of the rotated
grain has changed form type S (T) to type T (S). See Sec. 3.1 for more details regarding
S and T type. The interface relations for the two ¥ = 2 tilt grain boundaries are

% =2y : (0001) 1 (1210), [1010] 1 [1010], (5.1)
% =2, : (0001) 1l (1210), [1010] 1 [1010]. (5.2)

The basal plane can be either W or C terminated, while the mixed (1210) is invariant,
up to a translation, under the addition or removal of atomic layers. The fully relaxed
> = 2; grain boundary can be seen in Fig.5.3a.
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(a) basal (0001) (b) prismatic (1010)
(c) (1210) (d) (1012)

Figure 5.1: Low index WC planes used in the two X = 2 and four ¥ = 4 grain bound-
aries. The hexagonal prism correspond to the structure in Fig. 3.3

5.1.2 ¥ = 4 model grain boundaries

Both the (1010) and (1012) planes lack mirror symmetry and should therefore be marked
with the subscript S or T denoting their type. By changing the types of the WC planes
it is possible to construct four different > = 4 tilt grain boundaries that are not related
by an interface translation. The type is changed upon a rotation of 180° around an axis
perpendicular to the prismatic axis. The interface relations for the four ¥ = 4 tilt grain
boundaries are

> =4y : (1010) I (1012)g, [0001] I [1011], (5.3)
> =4y : (1010) I (1012)T, [o001] I [1011], (5.4)
> =45 : (1010)5 Il (1012)g, [0001] Il [1011], (5.5)
> =44 : (1010)g I (1012)7, [0001] I [1011]. (5.6)

In this way the ¥ = 4; and 3 = 44 boundaries are 60°/[1210] tilt grain boundaries
[100, 102], while the 3 = 4, and ¥ = 43 boundaries correspond to 240°/[1210] grain
boundaries. Both the (1010) and (1012) planes can be either W or C terminated which
means that there are four different termination possibilities for each ¥ = 4 tilt grain
boundary. We denote the termination of a WC plane by an additional subscript such
that (1010)sy is a W terminated prismatic plane of type S. The fully relaxed > = 4,
grain boundary can be seen in Fig. 5.3b.
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(0001),, surface

(1010);,, surface

(0001),, surface (1010)g ¢ surface

(a) basal (0001) (b) prismatic (1010)
(1210) surface

(1012); ¢ surface

[1210]
i [7010] [1013]
[0001] i__, [1071]
[1210]
(1210) surface (1012)g,y surface
(c) (1210) (d) (1012)

Figure 5.2: Unrelaxed atomic structures of the low-index WC surfaces which are shown
schematically in figure Fig. 5.1 [73]. Large cyan coloured atoms are W and small grey
atoms are C.
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Figure 5.3: Geometries of the ¥ = 2; and ¥ = 4, grain boundaries [73]. Large cyan
coloured atoms are W and small grey atoms are C. The figure shows the actual positions
of the atoms in the fully relaxed minimum energy structures. The relaxation was done
using DFT with the PBE exchange-correlation functional.

5.1.3 Incoherent grain boundaries

The DFT calculations in Paper I are all done on coherent grain boundaries with the
¢/a ratio fixed to unity. In Paper II and III an analytical bond order potential (ABOP)
was used instead of DFT and the simulation cells could, therefore, be much larger.
In Paper II, the same model grain boundary geometries are used but the unitcells are
repeated in the grain boundary plane to get larger supercells. The same model grain
boundary geometries are also used in Paper III, but now without a = c. Instead, the
grain boundaries are generated to match the c/a ratio of 0.964 from the ABOP. Further,
since various amounts of Co is added in between the two WC planes, the number of
repeating unit cell in each direction is adapted to give a good match with bulk Co.
As an example, the resulting ¥ = 2; grain boundary has 31 units along the [0001]
direction in the top grain (grain with (1210) boundary plane) and 30 units along the
[1210] direction in the bottom grain (grain with (0001) boundary plane). The coherent
> = 21 grain boundary can be seen in Fig. 5.3a. This construction generates incoherent
grain boundaries with one dislocation plane per repeating unit cell.
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5.2 WC/Binder phase boundaries

The model phase boundaries are created by matching the WC planes in the model X~ = 2
and X = 4 grain boundaries with fcc binder. In order for DFT calculations in Paper I to
be feasible, the phase boundaries need to have a small repeating unit cells. However,
this comes at the expense of straining the binder phases. The (0001) and (1210) planes
have matching repeating unit cells and are both matched with the fcc(111) plane to
achieve minimal strain according to

(0001) I (111), [2110] 1]
(1210) 11 (111), [ooo1] I [

2], (5.7)

i1
i12]. (5.8)

The (1010) and (1012) plane are matched with the fcc(001) plane instead, and the inter-
face relations are

(1010) 1 (001), [0001] Il [310], (5.9)
(1012) 1 (001), [1011] 1 [310]. (5.10)

In the case of the (0001), (1010) and (1012) planes the termination can be either W and
C, and the (1010) and (1012) planes have either type S or T. We end up with six unique
model phase boundaries if we include the types S and T. The strain in the binder phases
are on the order of 5% and it is the strained energy that is used as reservoir energy for the
binder phase when the interface energy is calculated. The same model phase boundary
geometries are calculated using an ABOP in Paper II, but similar to the model grain
boundaries the phase boundary unitcells are repeated in the grain boundary plane to
get larger supercells.

5.3 Surfaces

Similar to the phase boundaries we take the WC planes from six model grain boundaries
and make model WC surface systems. If the type of the (1010) and (1012) planes are
included we end up with 6 unique model WC surfaces: (0001), (1210), (1010)s, (1010)r,
(1012)g, and (1012)7. These are shown in Fig. 5.2. The planes of the binder phase in the
phase boundaries are also used as model binder surfaces: fcc(111) and fec(001). Again,
small model surface supercells are used in Paper I for the DFT calculation, and larger
supercells are used for ABOP calculations in Paper IL
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5.4 Local chemical composition and local structure

5.4.1 Adsorption and segregation

The local chemistry of interfaces are important for thermodynamic properties such as
the wettability [3]. In order to investigate effects from changes in the local chemistry
of the interfaces, we model segregation of binder phase atoms to WC/WC grain bound-
aries and WC/binder phase boundaries, and adsorption of binder phase atoms to WC
surfaces. This is done by systematically replacing W and C atoms in the vicinity of the
interface for binder phase atoms. In the (0001), (1210), and (1010) planes the topmost
layer is considered for substitution, while for the more corrugated (1012) plane, the
two topmost layers are considered. The substitutional sites for one WC surface, two
WC/WC grain boundaries and one WC/M phase boundary is seen in Fig. 5.4.

In a previous study in Ref. [73], all possible terminations of the WC planes were
tested for all model interfaces in WC-Co in order to minimize the interface energy.
Additionally, all substitutions that corresponded to 0.5 or 1 monolayer (ML) propor-
tion, was investigated. The minimization also included the effect from the chemical
potential of carbon p¢ (carbon activity), which in some cases resulted in different opti-
mal configurations depending on the value of jic. In Paper I, the same exhaustive search
for the optimal configurations for the WC-Ni cemented carbides was not performed.
Instead, the configurations in WC-Co which gave minimum energies for 0 (clean), 0.5
and 1 ML of substituted Co, respectively, are used. This is motivated by the similarity
of the three binders.

5.4.2 Complexions

In Papers V and VI the formation of thin cubic films in WC/Co phase boundaries in
both undoped and Ti doped WC-Co cemented carbides is investigated. Based on ex-
perimental observations in HRTEM [10, 12, 110] thin cubic films at the phase boundary
between the 5-WC basal plane (0001) and the Co (111) plane are considered. The cubic
films are oriented as to align the [111] direction with the basal plane, i.e.

5-WC(0001) | y-MC(111) | Co(111),

where y-MC denotes a general cubic carbide phase. In the undoped cemented carbide
this will simply be the y-WC phase while in a Ti doped cemented carbide M will be a
mixture of W and Ti, i.e., (Ti,W)C.

In the [0001] direction of the §-WC phase, W and C layers are alternating in an
ABABAB... stacking sequence. Further, in the [111] direction of the y-MC phase, M
and C layers are alternating in an ABCABC ... stacking sequence. Consequently, by
altering the stacking sequence of a §-WC structure, it can be converted into a y-WC
structure, and in this way multiple different 5-WC (0001) / y-WC (111) interfaces can
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Figure 5.4: Substitutional sites at a (0001) WC surface (a), in a ¥ = 2; grain boundary
(b), in a 3 = 4, grain boundary (c), and in a (0001)||(111) phase boundary (d) [73].
Large cyan coloured atoms are W, small grey atoms are C, medium sized pink atoms
are binder phase atoms, and the red atoms mark the substitutional sites. These are the
actual simulation cells used in Paper L.

also be constructed. Further, W atoms can be switched to other metal atoms, such as Ti,
to get a general y-MC film structure. Using this construction, the y-MC phase will gen-
erally be strained in the (111) plane such that the M and C layers along [111] matches
the corresponding layers in §-WC. Further, the thickness of the slab may be varied,
however, since the films consist of thermodynamically unstable phases, only the for-
mation of very thin films are possible. Further, for the calculations to be feasible small
repeating unit cells are required. Therefore, the Co slab is oriented such that there is a
30° angle between §-WC[2110] and Co[110]. This gives a unit cell with 4 Co atoms and
3 W or C atoms in each atomic layer along the [111] and [0001] directions, respectively.
Furthermore, this also gives a low strain in the Co phase when it is matched with WC.

In Papers V and VI we follow the procedure outlined in Ref. [135], but instead of the
first three we allow the first four layers (two C and two W) to deviate from the hexago-
nal stacking sequence. This results in eight unique thin film stacking sequences which
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are illustrated in Fig. 5.5 together with atomistic configuration for the k; stacking. In
the figure, ml; and cl; denote the i:th metal and carbon layer counting from the Cobalt,
respectively. The kg stacking is simply the §-WC(0001) in contact with Co(111).

From Fig. 5.5 we note that the transition from hexagonal to cubic stacking are the
same for some different stackings, e.g. the kg stacking is the same as the k; stacking
with two added cubic atomic layers at the interface towards Co. Similarly extending
k, yields k4. Additionally, we note that for stackings ky, ky, k4 and kg the hexagnoal
and cubic regions overlap, while for the others the two regions connect at the interface
or are separated by one atomic layer. In the later four there is always an additional
hexagonal stacking different from ABABAB... that extend into both the hexagonal and
cubic regions, giving rise to an additional hexagonal/hexagonal interface. The results
of Papers V and VI indicate that these stackings are unfavourable compared to ki, k,
k4 and kg.

The stoichoimetry of y-WC, stable only above 2800 K, is ranging from stoichiometric
down to a C/W ratio of around 0.5 [60]. Further, in undoped WC-Co cemented carbides
thin cubic WC films are observed more frequently in W-rich conditions compared with
C-rich conditions. This suggest that the films also contain vacancies which are more
favourable in W-rich conditions compared with C-rich conditions. Carbon vacancies
will, therefore, be consider in the first two carbon layers (counted from the Co interface)
for the model thin film systems. Since it is strongly unfavourable to introduce vacancies
in the hexagonal structure, no vacancies will be considered in the purely hexagonal
stacking, kg. For more information regarding these stackings the reader is referred to
Papers V and VI.
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k1
9000000

Co Co Co Co Co Co Co Co Co

Figure 5.5: Graphical illustration of the nine different stackings from Paper V. In the
left figure the atomic configuration of the k; stacking is illustrated and in the right
table the stacking sequences for the various ks and as well as which layers follows the
hexagonal stacking (red) and the cubic stacking (blue) are indicated. The i:th metal
layer is denoted mi; (counting from the top) and similarly the carbon layers are denoted
Cli.
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Computational methods

“Atoms are very special: they like certain particular partners, certain particular direc-
tions, and so on. It is the job of physics to analyze why each one wants what it wants.”

- Richard P. Feynman [136]

In this chapter the computational methods used in this thesis are reviewed. This in-
cludes atomistic descriptions such as DFT and inter-atomic potentials, simulation tech-
niques such as MD and free energy methods.

6.1 Atomic interactions

The core of all computations at the atomic level is the description of the atomic interac-
tions in the system. In a system of interacting, non-relativistic particles, all properties
are in principle determined by its many-body state |®(t)), which is obtained as a solu-
tion to the time-dependent Schrédinger equation

ih—|2() = H2()), (6.1)

where H is the Hamilton operator of the system. The allowed energies, E, in the system
are defined by the time-independent Schrodinger equation

H|¥) = E|¥), (6.2)

where the eigenstates, |¥), forms an orthogonal basis from which any arbitrary many-
body state may be expressed. However, for many applications, including the work in
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this thesis, knowing the ground state of the system, i.e., the lowest eigenvalue E° of H
and its associated eigenstate [¥°), is sufficient.

In this thesis we will use the electronic structure description where the systems con-
sist of interacting electrons and nuclei. For such a system the Hamiltonian operator, H,
is the sum of the kinetic energy and potential energy due to Coulomb interaction[137]

H =T({r}) + TN({R}) + Vee({r}) + Ven({r} {R}) + Van({R}), (6.3)

where, T, and Ty are the kinetic energy operators for the electrons and nuclei re-
spectively, and V.., Ve, and Vyy represent potential energies from electron-electron,
electron-nucleus, and nucleus-nucleus interactions, respectively. Here, {r} denotes the
set of electron positions, including spin degrees of freedom and {R} denotes the set of
all ionic coordinates.

It turns out that an exact analytical solution of the Schrédinger equation for the elec-
tronic structure Hamiltonian is essentially only possible for very simple systems, such
as a the hydrogen atom. However, for more complex systems, even the helium atom, we
rely on approximations and numerical solutions. Those approximation methods that
result in equations free from adjustable physical parameters are referred to as ab-initio
or first-principles methods.

6.1.1 The Born-Oppenheimer approximation

The first approximation that usually is made when solving Eq. (6.2) for the Hamiltonian
in Eq. (6.3) is the so-called Born-Oppenheimer approximation [138], which uses the fact
that the nuclei are much heavier than the electrons. For the electrons, this difference
in mass means that they see the nuclei as charges frozen in their instantaneous loca-
tion, and hence, the nuclear kinetic energy term, Ty, can be dropped and the ion-ion
repulsion, VN, regarded as a constant shift in energy, Exyn. On the other hand, the nu-
clei can be regarded as moving in a mean-field generated by the electrons. Hence, the
problem has now been separated into two problems: an electronic structure problem
where the nuclei are considered to be fixed, and a nuclear problem, which generally
can be treated classically.
The Hamiltonian for the electron problem may be written as

H, = T.({r}) + Vee({r) + Ve ({r}. {R}), (6.4)

where V,;({r}, {R}) = Von({r}, {R}) is the external potential from the fixed nuclei. Fur-
ther, the time-independent Schrodinger equation for the electrons becomes

E.({RDI¥:({r}. {R})) = He|¥c({r}. {RD)), (6.5)

hence, the ground state energy Ey({R}) = Ej ({R}) + Exn({R}) will depend parametri-
cally on the positions of the ions. Ey({R}) is known as the Born-Oppenheimer potential
energy surface and, in many cases, it is an excellent approximation[137].
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6.1. Atomic interactions

Now, if we treat the nuclei as classical particles moving in the electronic mean-field,
i.e. the Born-Oppenheimer potential energy surface, the force on each nucleus is given
as F; = 0Ey({R})/0R;. Further, using the Hellmann-Feynman theorem, this can be
rewritten as
oH,

R

T =

_OE(RD < .
oR, ¢

\pe> . (6.6)

This equality requires that |¥.) is a complete basis. Differentiating H,, Eq. (6.5), with
respect to R; shows that the forces on the ions are simply the electrostatic forces from
the electronic charge distribution (or density), n(r), defined in Eq. (6.7).

The original quantum mechanical electron structure problem has now been greatly
simplified. In principle, the ground state of a system could be found by starting from
an initial set of ionic positions and then find ground the state electron wave function,
and hence also the ground state electron density, for the given set of ionic positions.
Thereafter, the ions can be moved according to their forces using e.g. the conjugate
gradient method. Then, the new ground the state electron wave function and ionic
forces may be found. This process is repeated until forces are below some reasonably
small value. However, to numerically solve the electron problem, Eq. (6.5), further
theoretical development is required.

6.1.2 Density functional theory (DFT)

The density functional theory (DFT) method is one of the most efficient and popu-
lar first-principles tools to solve the electron structure problem. It makes calculations
of systems involving several hundreds of atoms tractable on modern supercomputers.
Formally, DFT is an exact theory, however, it does use the many-body electron wave-
function ¥.({r},{R}), which has 3N variables for a system of N atoms, as the basic
variable. Instead, as the name suggest, it uses the much simpler electron density n(r),
which has only 3 variables, as the basic variable. The electron density is defined from
Y. ({r}, {R}) according to

n(r) = Jdrg o dry [ (r, 1oy e i) (6.7)

where the parametric dependence on the nuclear ionic positions has been dropped
The exactness of the DFT was proven by Hohenberg and Kohn[139] using two the-
orems:

1. The ground state electron density, ny(r), uniquely determines the external po-
tential, thus fixing the electronic Hamiltonian in Eq.(6.4). Consequently, n(r) is

sufficient to, in principle, determine all properties of the system.
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2. There exist a universal energy functional of the electron density, E [n(r)], such
that the density that gives a minimum, ny(r), is the exact ground state density
and the ground state energy is given by Ey = E [ny(r)].

However, no way of finding this universal energy functional was presented.

In 1965, Kohn and Sham[140] developed a practical way of approaching DFT by re-
placing the problem of interacting electrons in an external potential with an auxiliary
problem of fictitious non-interacting electrons in an effective potential with the same
ground state energy and density. Although, the existence of this auxiliary system, com-
monly known as the Kohn-Sham auxiliary system, has not been proven for the general
case, Kohn-Sham theory has had remarkable success in predicting many material prop-
erties, which justifies the theory[137].

Since the electrons in the Kohn-Sham system are non-interacting the many-body
wave-function can be replaced by single particle Kohn-Sham orbitals, ;(r), which are
the solutions to Schrédinger-like equations with the Kohn-Sham Hamiltonian, Hgs,
given by

[—%vz Vi) 90 = o), (63)

N

Hys

where Vkg(r) is the effective Kohn-Sham potential and ¢; are the energy eigenvalues of
the Kohn-Sham orbitals. The subscript "e” indicating electron wave-functions has here
been dropped from ¢ for convenience. The density will be given as the sum over the
density from each orbital, i.e. n(r) =Y, f; |¢l~|2, where f; are the occupations of orbital
i

The Kohn-Sham energy functional, Exg [n], is written as[140]

Exs[n] = T, + Bt [n] + j drVo(F) + Exe [n], (6.9)

where T is the kinetic energy of the non-interacting fictitious particles given by

T, = % Z V()| (6.10)

1

Further, Eyq [n] is the Hartree energy which represents the mean-field electron-electron
interaction, hence, given by

(N

. (6.11)
Ir—r|

1
EH [Tl] = EJdrdr

Vext (1), is the single particle version of V., ({r},{R}) as defined in Eq.(6.4). Moreover,
Ey.|n| is an additional term containing the remaining many-body effects, such that
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6.1. Atomic interactions

the ground state density of the Kohn-Sham system will be equal to that of the original
interacting system, hence strictly defined as E,. [n] = T, + Vee — [Ts + Egg[n]]. These
many-body effects includes exchange and correlation effects as well as possible errors in
the kinetic energy of the electrons. E, [n] is, therefore, called the exchange-correlation
functional.

A variation of Eq. (6.9) with respect to the single particle wave-functions, ;(r), sub-
ject to the constraint of constant number of electrons N, ie., N = fdrn(r), gives
Eq. (6.8) with

n(r’) SEg.[n]
Vis(r) = J dr’ + Vext(r) + : (6.12)
Ir—r'| on
Further, the energy total energy of the system is given by
OEyc[n(r)]
E= zl: fiei = Vuln] + Exc[n] - J dr(;n—(r)n(r) (6.13)

Now, the Kohn-Sham Hamiltonian, Hikg, depends on the electron density from the
single particle wave-functions, n(r) = ), f; |1//,~|2, which are the solutions to Eq. (6.8).
Hence, it is nonlinear, and Eq. (6.8) may be solved numerically in a self-consistent man-
ner, where an initial guess for the density is made and then the solution is iterated until
convergence is reached.

6.1.2.1 Exchange-correlation functionals

If exact expression for all terms in Eq. (6.12) are known, then the ground state energy
from Eq. (6.13) is exact. This is, however, not the case for 5E;‘S—°n["] since this term includes
many-body effects. Hence, this term must be approximated. One of the strengths of
DFT is that even with very simple approximations of the exchange-correlation func-
tional the calculations can be very accurate.

The simplest approach of approximating E [n] is to let it depend locally on the elec-

tron density
Eelnl = | drn(ryee (). (6.14

where €. (n(r)) is the exchange-correlation energy of a homogeneous electron gas.
This approach was introduced already by Kohn and Sham[140] and is known as the
local density approximation or LDA.

LDA may be improved by taking into account the inhomogeneous electron density
found in real material. In the generalized gradient approximation (GGA) not only the
local density but also semi-local gradients of the density is included in €,.. However,
there is no known systematic way of improving LpA by including higher order terms
and development often relies heavily on physical intuition where one tries to satisty
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certain properties and trial and error. Hence, many different flavours of Gca exchange-
correlation functionals exists [141, 142, 143, 144, 145]. The the most popular Gga func-
tional in materials science was developed by Perdew, Burke and Ernzerhof[143] and,
hence, referred to as PBE. The PBE functional has been used extensively in this thesis.

A major shortcoming of these local or semi-local exchange-correlation functionals
is that they do not account for dispersive interactions, which are inherently non-local
and connect the electron density at different points in space. One method to account
for the dispersive interactions, known as the van der Waals density functional (vdW-
DF) framework, is to expand the exchange-correlation of previous functionals by a
non-local correlation functional that couples the density at different points in space
through a kernel that contains information about how strongly two density regions
interact depending on their spatial separation and the asymmetry of their response.
Again, there are many different flavours of vdW-DF functionals [146, 147, 148]. In this
thesis some calculations have been done using the vdW-DF-cx functional[148].

6.1.2.2 Implementing DFT numerically

So far, we have simplified the original quantum mechanical electron structure problem
significantly, however, there are still a few more obstacles to address in order to make
a practical numerical implementation of DFT.

For instance, a basis for the Kohn-Sham orbitals (or wave-functions), ¢;(r), is needed.
When studying solids, periodic boundary conditions are often a demand, and in that
case, a plane wave basis set is convenient. For a periodic simulation cell the potential

is also periodic, hence Bloch’s theorem[149] holds and if we drop the orbital index ”i
a Kohn-Sham wave-function may be written as

Uie(r) = ug(r)e*T (6.15)

where k is the wave vector. Further, the function uy is periodic with the same periodic-
ity as the simulation cell. Therefore, u. can be expanded in a Fourier series of reciprocal
lattice vectors G; as

up(r) = Y. G j(r)e %" (6.16)
7

Hence,

Ue(r) = Y G ()G, (6.17)
j

Moreover, the basis set may be truncated below a certain cut-off energy, E..iof such

2
that % ‘k + Gj| < E.utofr- Further, since the size of the basis set only depends on E o
it is straightforward to do convergence of quantities with respect to the basis set by
changing E_iof-
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The major issue with plane wave expansions is that in the atomic core region the
kinetic energy of the electrons is high and the wave function varies rapidly. Further,
since the plane waves are delocalized, an extremely high number of plane waves would
be required to accurately represent the electronic density in this core region. However,
since only the outer valence electrons participate in the binding leaving the core states
mostly unchanged, the core region need not be described as accurately as the rest of the
system. The actual potential may, therefore, be replaced with a pseudopotential which
yields the same wave function outside some core radius but has a much smoother vari-
ations within the core region. Then, the number of plane waves needed is significantly
reduced. However, the pseudopotential is more complex compared with the original
potential and it needs to be explicitly constructed for all atomic species involved and
the size of the core region needs to be chosen appropriately. In all DFT calculations
in this thesis, the projector-augmented wave (PAW)[150] method has been employed.
In the PAW method the conversion between the valence and all-electron description is
done using a linear transformation which allows for different levels of treatment with
regards to the core electrons.

Introducing a periodic simulations cell generates an additional problem: many prop-
erties, such as the total energy of the system or the electron density, are now given as
integrals over the first Brillouin zone (1BZ) of the system. This integral must be eval-
uated numerically which is most commonly done by replacing the integral with a sum
over discrete points in the 1BZ. The simplest way to sample the 1BZ is to use a uniform
grid and use symmetries that makes some k-points equivalent thus reducing the num-
ber of k -points needed. This method was introduced by Monkhorst and Pack[151] and
has been used extensively throughout the thesis. Moreover, to calculate the properties,
such as the ground state energy, a heaviside step function is used for the occupation
of each band which includes only states up to the Fermi level. However, for conduc-
tors, such as metals, there is a finite electronic density of states (EDOS) at the Fermi
level. Hence, the integral, which contains a product of the EDOS and the heaviside step
function, is difficult to evaluate numerically and a very dense k-point grid is needed.
The solution to this is to replace the heaviside step function with a smoother smearing
function, i.e., introducing partial occupancies, which allows for a much coarser k-point
grid. The integrals can then be extrapolated down to zero smearing. In this thesis the
smearing method of Methfessel and Paxton[152] has been employed.

The integral over the 1BZ can also be done using the linear tetrahedron method in
which the 1BZ is divided into tetrahedra. In these tetrahedra the function to be inte-
grated is then interpolated linearly and the errors arising from the linear interpolation
can be corrected for using Blochl corrections[153]. This generates a much smoother
EDOS compared with the Monkhorst-Pack[151] method. This method is, therefore,
used when an accurate EDOS is needed, such as for the electronic free energy calcula-
tions in Paper IV.

In this thesis all DFT calculations have been done using the Vienna ab-initio simu-
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lation package (VASP)[154, 155].

6.1.3 Inter-atomic potentials

As the size of the atomic system increases first principles calculations become unfeasi-
ble. It is, therefore, neccessary to introduce simplified interactions between atoms. A
popular method is to develop analytical inter-atomic potentials to model the potential
energy surface E({r}) semiemperically. Here, we use {r} to represent the set of atomic
positions. The total potential energy of a system of N atoms can be divided into terms
depending on the coordinates of individual atoms, pairs, triplets etc. [156] according
to

N N N
E@rd) = Y Vi) + > Valror) + Y. Va(rryore) + . (6.18)
i i<j i<j<k

Here, the first term is only meaningful if the system interacts with an external potential
such as an electric field. If only the second term is used in the expansion one obtains
the simplest type of analytical potential: the pair potential. The applicability of the pair
potential is rather limited and it is most suitable for simple liquids such as liquid argon
[157]. A popular example of a pair potential is the Lennard-Jones potential which was
proposed already in 1924[158].

By introducing a functional of an intermediate quantity depending only on pairs
the pair potential formalism can be significantly improved. These models are called
pair functionals and the most common example is the embeddad atom model (EAM)
where an embeddig energy representing the energy cost of placing an atom in the
electron density from the other atoms was added to the pair energies [159, 160]. EAM
has been used widely to describe metallic systems, however, it does not treat covalency
and directional bonding, two important properties in hexagonal WC.

If functionals of higher order terms from (6.18) are included you end up with a cluster
functional. A popular type of cluster functional is the analytical bond order potential
(ABOP) [161, 162, 163, 164]. In the ABOP the potential energy of the system is written
as:

1 -
E == 3 folip) [VRGip) + ByVaCip] (6.19)
i#]

where fc(r;;) is a continuous cut-off function that vanishes outside a certain cut-off
radius and Vp(r;;) and V4(r;;) are repulsive and attractive pair potentials of generalized
Morse type, respectively. The highest order term is placed in Bij which is a functional
of a three body term, the bond order. This functional adjusts the strength of a bond
depending on the number of neighbouring bonds and the corresponding bond angles.
The ABOP is, therefore, suitable for modeling both Co and hexagonal WC. In Paper III
an ABOP is fitted for the WC-Co system.
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In this thesis all sampling with inter-atomic potentials is done using the Large-scale
Atomic/Molecular Massively Parallel Simulator (LaAMMPs)[165, 166].

6.1.4 Alloy cluster expansions

Alloy cluster expansion (CE) is a computationally efficient method to accurately calcu-
late the energy for different microstates of an alloy system. Generally, DFT calculations
are too expensive to be used directly to calculate the energy of all microstates need to
find ground states and the configurational free energy of an alloy system. Therefore,
alloy cluster expansion (CE) fitted to DFT data serves as a very useful complement to
pure DFT calculations. It is, therefore, employed in Papers IV-VI.

Alloy CE are based on a fixed atomic lattice where a cluster is defined as a set of
lattice points. Moreover, the number of lattice points in the cluster gives the order
of the cluster. Further, a cluster of order 1, 2, 3 or 4 are referred to as a singlet, pair,
triplet or quadruplet, respectively. In an A-B system, a cluster could be the nearest A-
B neighbour pair, nearest neighbour A-A pair or some A-A-B triplet uniquely defined
by its inter-atomic distances and angles. Moreover, the type of site, i.e. the Wyckoff
position, for each atom in the cluster is also a discriminator. Hence, even if two A-A
pairs have the same distance, their individual surroundings may make them belong to
different clusters. Generally, the number of equivalent clusters increase with the cluster
order since there, for example, are more possible combinations for a triplet compared
to a pair.

To be able to enumerate the clusters it is convenient to define the radius or size of
the cluster as the average distance of all the lattice points from the geometric center of
the cluster. Further, a cut-off size or radius and a maximum order can be set to limit the
number of clusters. Usually, cluster interactions become less important as the radius
or order increases.

The energy of a CE is expressed as,

E@@)=Jy+ ), (g (o), Je. (6.20)
£

where o is the occupation vector, ), £ is a sum over all clusters, (...) £ is an average over
all clusters & equivalent to cluster £ and J¢ are the effective cluster interactions (ECIs)
of the model that needs to be found. In this thesis the ECIs are fitted to total energies
from DFT using the program 1cET[167].

Even though the cluster expansion acts on a perfect lattice it can still capture the
contribution of relaxations of the atoms by mapping relaxed structures onto the perfect
lattice. Lattice relaxations is an important contribution in systems with impurities such
as vacancies.
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Further, with the right choice of ECIs, a CE is able to represent any function of the
configuration [168]. This means that it is possible to model free energy contributions
such as vibrational free energy using a cluster expansion.

6.1.5 Force constant models

Force constant force constant (FC) models describes the vibrational motion of a system
for a fixed occupation of the lattice. It is based on the Taylor expansion of the the
potential energy, E, as a function of displacements, u, around some static positions r
with potential energy Ey:

E = Ey + Ofuf + @gﬂuf‘ujﬁ + q)zfyuf‘ujﬂu% + e (6.21)
Here, ® are force constants and Latin and Greek indices enumerate atoms and Cartesian
coordinates, respectively. Further, Einstein summation convention is implied. Conven-
tionally, r) is chosen to be the ideal relaxed lattice which means that the first order term
in the expansion is zero.

In the Taylor expansion above the force constants are the unknowns that need to
be found. They are defined as derivatives of the potential energy with respect to the
displacements, i.e., the second order force constants are defined as
o _ 9’E
i aq, B

ou; Iu;

(6.22)

and other orders defined analogously. Conventionally, force constants are obtained by
a direct approach[169], where the derivatives are numerically computed by calculating
forces for configurations with a single atom displaced from its ideal lattice position. The
most common software to use for calculation of second-order force constants using the
direct approach is PHONOPY[169]. Furthermore, the direct approach works very well
for high symmetry systems where the number of configurations for which forces are
required is low. However, for low symmetry systems, e.g. systems with defects such as
vacancies or interfaces, the number of configurations needed to be calculated quickly
increases and becomes expensive with DFT. Another approach to extract accurate force
constants is by regression which has the advantage of not requiring as many calcula-
tions as the direct approach([170, 171, 172, 173, 174, 175, 176]. The regression approach
is implemented in the HIPHIVE software[177]. In the direct method the derivatives are
calculated exactly, hence, only one atom is displaced in each configuration, meaning
that the information in each configuration is small. However, in the regression method
the whole problem is treated as an optimization problem where all atoms may be dis-
placed, meaning more information in each configuration, hence the reduced number of
configurations required.
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Moreover, using the direct approach gives a FC model that represents the system
at 0K, however, with the regression approach it is possible to fit FC models from MD
simulations (see Sec. 6.2) and thus effectively introducing a temperature dependence on
the FC model. This is advantageous for studying systems that are dynamically unstable
at low temperatures.

In Papers II and IV-VI FC models are constructed using either PHONOPY[169] or
HIPHIVE[177].

6.2 Molecular dynamics

Molecular dynamics is a simulations technique where a system is evolved in time ac-
cording to the forces acting in the system to obtain a phase space trajectory, from which
time averages can be obtained. It was first introduced by Alder in 1959 [178]. The force
on atom i, F,, is obtained from the potential energy surface E({r}) as

oE({r})

F, = , 6.23
e (6.23)

where E({r}) can be computed from a classical inter-atomic potential or an ab initio
method such as DFT. The latter case is often referred to as ab-initio molecular dynamics
(AIMD). It is a classical technique, i.e., it follows the laws of classical mechanics. The
system can, therefore, be evolved in time by solving Newton’s equations of motion.
The classical mechanics approximation of the motion of the atoms and molecules is
most cases accurate [179]. Only for light atoms or molecules, or for vibrational and
rotational motion with high frequency is quantum mechanical effects relevant. The
procedure of an MD simulation is similar to real experiments [180]. First, a sample is
prepared, i.e. a model system is chosen. Then, the system is equilibrated, i.e, evolved
until the properties of the system no longer change with time. When the system is
equilibrated the actual measurement of the desired property can be performed.

There are a lot of different methods for integrating Newton’s equations of motions
giving rise to errors of different orders [179]. One of the simplest, but also usually the
best, is the so-called velocity Verlet algorithm[181, 182]. It is time-reversible and pre-
serves the area in phase-space and, as a result, has good energy conservation properties,
without being more computationally expensive than the simple Euler method. In the
velocity Verlet algorithm the positions, r;, and velocities, v;, are evolved from time ¢ to
time t + At, where At is the time step, according to the following scheme [183, 182]:

1. ri(t + At) = ri(t) + vi(t)At + %%Aﬂ
2. Calculate new forces Fy(t + At) from the interaction potential using r;(¢ + At)

3. v(t+ At) = v(t) + % (FL'(O + I’[(t’:At))

m;
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Here, m; is the mass of particle i. The error of the velocity Verlet algorithm is O(At*)
for the positions and O(At?) for the velocities. Moreover, the size of the time step, At,
has to be determined for each system, where the optimum value is a compromise as
it should be large to sample as much of phase space as possible, but it has to be small
enough to generate trajectories that produce accurate predictions.

As stated above, MD generates trajectories from which time averages may be cal-
culated, while conventional statistical mechanics is not based on time averaging, but
rather ensemble averages where one considers many realizations of the same sys-
tem. An ensemble can be considered as a collection of systems (states) which are
described by the same macroscopic interactions and share a set of macroscopic ther-
modynamic parameters. Ensemble averages can be simulated directly with the MC
technique [184, 179]. However, unlike MD, MC gives no information on the dynamics
of the system. The most fundamental ensemble is the microcanonical (NVE) ensemble,
which represents an isolated N-particle system with constant energy, E, and constant
volume, V. Now, if a system that is evolved under the same constraints and given an
infinite amount of time, is able to visit all possible states it is said to be ergodic. Conse-
quently, for ergodic systems the ensemble and time averages are equal. This is referred
to as the ergodic hypothesis. The ergodic hypothesis is generally believed to be true for
most systems, although in practice it may be problematic to access sufficiently many
states during the simulation time.

6.2.1 Temperature, pressure and stress

In MD simulations the system is equilibrated given certain constraints on thermody-
namic parameters which defines the type of ensemble that is being simulated. The NVE
ensemble is achieved by just running the velocity Verlet algorithm as described above.
Other common ensembles include the NVT and NPT ensembles, where the tempera-
ture, T, and pressure, P, are constant. In order to equilibrate to a certain pressure and
temperature these thermodynamic parameters must first be measured.

6.2.1.1 Measurement

In an MD simulation the thermodynamic parameters must be expressed using proper-
ties, such as the positions r;, momenta p;, and forces f; of the particles in the system.
We first start by defining the Hamiltonian H of the system as

2

Di
H = — 4+ U(rq,....,rN), 6.24
2 g+ Ul ) (6.24)

where the first term is the kinetic energy, Ey,, and U is the potential energy of the
system from the interaction potential.
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Now, to measure the temperature it is convenient to use the equipartition of energy
over all degrees of freedom that enter quadratically in the Hamiltonian of the system
[185]. The equipartition of the kinetic energy is derived from the expectation value of
the kinetic energy

(Exin) = < Z %> = e , (6.25)
l fex [ i

where i is taken over all particles and the integrals are taken over all positions and
momenta. The integrals over the positions cancel and the integral over each of the
three momentum dimensions will be equal. Moreover, the integrals over the particles
are also identical. The expectation of the kinetic energy can, therefore, be simplified
and expressed as

P’ P
[ 4 exp [_2kaT] dp _ 3NkgT

(Exin) = 3N > (6.26)
__°p 2
Hence, the kinetic energy of each degree of freedom is kBTT and the temperature may
be expressed as
2(Ey;
_ ( k1r1>. (6.27)
3Nkg

In MD simulations the total momentum is often set to zero to avoid drift which means
that there are 3 less degrees of freedom. The temperature is then given by

2(Exin)
. (6.28)
3(N — kg
The most common way to meassure pressure is based on the virial equation for the
pressure [185]. The pressure at constant temperature and constant number of parti-
cles can be expressed from the partition function using the following thermodynamic
relation

1 a ex
P = kT oz Qaf;’/ L (6.29)
NVT
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where Q%7 is the excess part of the partition function in the canonical (NVT) ensemble
for identical particles, Qnyr [156]. Further, Qny7 is defined as

1 &Nrd*Np H
Onvr = N J TN &P [_kB_T] =
1 d3N . P_12 U( )
= — J, P exp | — 2y J PNy exp L INY (6.30)
N!'] mN kgT kgT ’ '

J

ONVT
Oyt

where, Q%VT is the kinetic (ideal gas) part of Qny7.
Moreover, to calculate the volume dependence of Q7 it is convenient to work in
dimensionless coordinates .
r; = V3s;. (6.31)

Then, Q7 may be written as

1 1
U(Vﬁsl,...,wsN) N
Oy = Njexp - T d’s. (6.32)
B

Now, derivation with respect to V' gives

1 1
U <V§ S1,.s V3 sN)

T BNs.  (6.33)

2

aQJe\;CVT N QNVT vN73

ViU —
oV % 3kgT J Zsl P

Finally, combining this with equation (6.29) and using the definition of expectation
values gives

NkgT 1 < 8U>
= -— r— ). (6.34)
V.3V Zl: ‘or;

This is the virial theorem for pressure.
The expression for pressure can also be generalized to give the expression for the
stress tensor o, as

Oup = —= Z <p’ ol _ X ﬂ>, (6.35)

P l
l arl

where « and f refer to the cartesian directions x, y, or z [186]. From this follows that
Oyxx + 0y + 0.
p=-2 ;y Zz (6.36)

i.e. one third of the trace of the stress is equal to the negative pressure.
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6.2.1.2 Thermostat and barostat

Methods of controlling the values of temperature and pressure are referred to as ther-
mostats and barostats, respectively. From Eqs (6.28) and (6.34) it is straightforward to
see that controlling the velocities of the particles and simulation cell (volume) will have
the effect of controlling the temperature and pressure of the system, respectively. The
simplest thermostat and barostat is to simply rescale the velocities and simulation cell
in each time-step with a factor that restores the systems towards equilibrium values
Teq and Peq. For example, to equilibrate temperature the velocities may be scaled with
the factor a(t) according to

B At Teq — T(t)
a(t) =1+ ;T (637)

where T(¢) is the instantaneous temperature and 77 a relaxation time that controls the
how fast the system will equilibrate. This is method was introduced by Berendsen et
al.[187].

Rescaling the velocities and simulation cell will only give ensembles that have the
correct averages for properties that only depend on the positions of the particles. Better
methods are generally needed to sample properties in the NVT and NPT ensembles.
One very popular method was presented by Nosé[188] and Hoover[189], commonly
referred to as Nosé-Hoover thermostat or barostat. The main idea is to add additional
coordinates to the Lagrangian of the system which will act as fictive particles which
interacts with the other particles. To control the temperature these additional coordi-
nates are coupled to the particles velocities, while to control the pressure the additional
parameters are coupled to the positions of the particles of the system.

In this thesis both the Berendsen and Nosé-Hoover mehods are used for equilibration.
The former is used only in Paper III, while the latter is used in Papers II-IV.

6.3 Free energy methods

In this section several different numerical methods for calculating either absolute free
energies or changes in free energies of atomic systems will be presented. These meth-
ods can also be used to calculate interface and surface free energies by using Eq. (4.6).
Moreover, there is a special case with the liquid surface free energy, o, which numer-
ically equals the surface tension, r[124], as was presented in Sec. 4.4. Further, since 7
fluctuates heavily for atomic systems, o must be calculated as an time average of the .

First, thermodynamic integration, a method to compute the full free energy, will be
presented. Then, methods to compute partial contributions, such as configurational or
vibrational, to the free energy will be presented.
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6.3.1 Thermodynamic integration

In both experiments and simulations free energies can, generally, not be calculated
directly since they are not simply averages of functions of the phase space of the sys-
tem[179]. For example, Helmholtz free energy is directly related to the canonical par-
tition function, i.e., F = —kgT In (QxvT)- Hence, free energies are related to the area in
phase space that is accessible to the system. However, derivatives of the free energy
can be measured in both experiments and simulations. This could for example be the
pressure which is the derivative with respect to volume,

oF
p=—(Z ‘ , (6.38)
oV /)INT
or the temperature which is the derivative with respect to entropy, S
oF
T= (—)) , (6.39)
AYRINATS
or the chemical potential, y, given by
i ‘ 6.40
#=on )by (6.40)
or the total internal energy U given by
oF/T
U=-(—— ) . (6.41)
a1 / T NV

Further, changes in free energies can be calculated by integrating the free energy deriva-
tives along reversible paths, i.e., thermodynamic integration.

By integrating Eq. (6.41) the free energy difference of a system at two temperatures,T;
and T, may be found from the following relation[190]

F(T;) F(Ty) Lodar
o :—Jlﬁm, (6.42)

where (...) indicates an ensemble average. However, because of the ergodicity hypoth-
esis (see Sec. 6.2), the average can also be a time average which can be achieved from
MD simulations. This technique is commonly known as temperature integration.

In simulations we are not limited to physical thermodynamic integration paths that
also can be followed in experiments[179]. Instead, we may use any parameter in the
Hamiltonian of the system. Now, suppose we want to find the free energy difference
between the two systems A and B described by Hamiltonians H4 and Hp, respectively.
First, let us introduce a new Hamiltonian, H, according to

H(A) = ga(A)Hy + gg(A)Hp, (6.43)
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where A is an external switching (or coupling) parameter and g4(1) and gg(1) are
switching functions. The switching functions must only satisfy the following condi-
tions: g4(0) = gg(1) = 1 and g4(1) = gg(0) = 0, so that H(0) = H4 and H(1) = Hp.
Now, the free energy difference, i.e. AF4_,g = Fg — F4, can be found by integrating H
from A = 0 to A = 1 according to

B oH
AFqg _L<(M>' (6.44)
This coupling parameter method was introduced by Kirkwood already in 1935[191]
and is commonly refereed to as A-integration. To find the absolute free energy of the
system one of the endpoints of the integration need to be a state of known free energy,
such as the ideal gas at high temperatures or an harmonic crystal at low temperatures.

Since there is a lot of freedom in the choice of switching functions we may not only
switch between different atomistic descriptions but also calculate the work done by
external forces on the system. In this case A-integration is equivalent to integrating the
mean force. For example, in Paper II we spatially join and separate two WC and Co
crystals to calculate the work of adhesion for WC/Co phase boundaries.

6.3.2 Partial Free energy methods

In this section we focus on the calculation of partial contributions to Helmholtz free
energies, F = U — TS, where U is the internal energy and S the entropy. On the atomic
scale the free energy has several different contributions such as atomic vibrations or
atomic configurations. It is often convenient to assume that the contributions are in-
dependent which allows for decomposition of F. In this thesis we primarily use the
following decomposition of the free energy for solid phases:

F(T) = Ey + Fel(T) + Fvib(T) + Fconf(T)a (6.45)

where Ej is the relaxed total energy from an electronic structure calculation and F.j(T),
Fyib(T) and F.y¢(T) are the temperature dependent free energy contributions from exci-
tations of electrons, motion of atoms, and changing atomic configurations, respectively.
Further, for a system described by an inter-atomic potential, E; is just the potential
energy and F,(T) = 0 since electrons are not included in the model. Here, follows
computational methods to calculate the various free energy contributions in Eq. (6.45).

6.3.2.1 Electronic free energy

As stated above, the electronic contribution to the free energy, F.;(T), arises from elec-
trons being excited from their ground states. At not too high temperatures and assum-
ing the free-electron gas model the free energy can be approximated by the Sommerfeld
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expression[192]
2

T
Fl(T) = —?nel(gF)kéTz, (6.46)

where n.(¢p) is the electronic density of states (EDOS) at the Fermi-energy, i.e., the
electron chemical potential, ), at T=0. For more accurate and reliable electronic free
energies at higher temperatures we consider the electronic entropy S.(T), which can
be computed from the EDOS as[193]

SHT) = kg J nei(e){f(€) In[f(e)]+[1 - f(e)]In[1 — f(e)]}de, (6.47)

where f(e) is the Fermi distribution given by

1

_— 6.48
e ) 11 (648)

fle) =

where f = (kBT)_l. Further, ,uel(T) is computed from the condition of conserved num-
ber of valence electrons N‘f;l

Val J de ng(e) f(e). (6.49)
Finally, by using the thermodynamic relation
aUel asel
() wof) »
J \% J \Y
the free energy F l(T) = UN(T) — TSY(T) can be written as
T el( ’ )
Fl(T) = J dT’ — TSN(TD). (6.51)
0 aT’

6.3.2.2 Vibrational free energy

The vibrational contribution to the free energy F,;,(T) arises from the atoms vibrating
around a set of fixed lattice points. Further, at low temperatures many materials has
highly harmonic lattice vibrations. It is, therefore, reasonable to start by investigating
the vibrational free energy of a harmonic system.

In an harmonic system the potential energy is completely determined by a second-
order FC model as described in Sec. 6.1.5, i.e., the system obeys Eq. (6.21) truncated after
the second-order terms:

E = By + o utu) (6.52)
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af

Further, the vibrational frequencies w can be calculated from the force constants (IDU- .
In a harmonic system all free energy is associated to vibrations (or phonons) and the
free energy is described by the following relation

POT) = | o) (0. ) o (6.53)

where npp,(w) is the vibrational density of states (VDOS) [194, 195] and

1 _ ho
fub(.T) = 3o+ kgTIn (1 ¢ 57 ) (654)

is the free energy in a mode with frequency w at temperature T. Hence, at high tem-
peratures, lower frequencies contribute the most to the free energy. The free energy in
Eq. (6.54) includes quantum mechanical effects that are important at low temperatures.

Now, if a second-order (harmonic) force constant model is constructed from a gen-
eral interaction potential using either the direct or regression approach with small dis-
placements, as described in Sec. 6.1.5, at the relax 0 K volume (disregarding zero-point
motion effects), V;, it is referred to as the harmonic approximation (HA). Free energies
according to Eq. (6.53) from a HA is a good approximation for many systems at low
temperatures. However, the HA is inadequate to explain thermal expansion, an impor-
tant effect at higher temperatures, since the equilibrium lattice parameter is the same
forall T.

A popular method to account for thermal expansion is quasi-harmonic approxima-
tion (QHA), where the HA is applied to several volumes and the minimum of F(V,T) =
Eo(V) + E,1,(T, V) with respect to the volume is found for each T. It is also possible to
consider a system at pressure P and then minimize G = F + PV. In the general case, the
vibrational frequencies are lowered with increasing volume. Hence, from Eqs (6.53) and
(6.54) F;i1, generally decreases with increasing volume. Further, E, has its minimum at
Vy and will, therefore, increase if the volume is increased from V;,. Consequently, the
balance of F;,(V,T) and Ey(V) is what generates the thermal expansion in the QHA
model. As the temperature increases in a system, so do the displacements, and gener-
ally, the motion starts to deviate from the harmonic behaviour for large displacements.
Consequently, the frequencies in the system start to deviate from the 0K values. This
effect is not handled by the QHA, since HA is used for all volumes. To handle this ef-
fect, the frequencies and, hence, the force constants need to be temperature dependent.
This can be done by generating effective harmonic models (EHMs) using the regression
approach at different volumes and temperatures from MD simulations [196, 197, 198].
Moreover, since the EHM can be sampled at high temperatures, dynamical instabilities,
i.e. imaginary phonon modes, can be stabilized. Hence, using EHM free energies for
systems which are dynamically unstable at low temperatures can be computed, some-
thing not attainable by the traditional HA and QHA approaches.
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Another method to calculate full anharmonic vibrational free energies is to do A-
integration, as described in Sec. 6.3.1, between the system of interest and an Einstein
crystal, i.e. a system of uncoupled harmonic oscillators, for which we know the free
energy[199, 200].

6.3.2.3 Configurational free energy

For solids the configurational contribution to the free energy F.,,(T) arises from changes
in the occupation of the atomic lattice sites. In this thesis we will consider configura-
tional free energy from C vacancies and W to Ti substitutions in WC. However, to
present this method in simple way we will consider a general system of two species, A
and B, on a lattice of size N. The number of atoms of each species is denoted N and
Ng, where Ny + Ng = N. Hence, the composition can be uniquely defined by A;_,B,,
where x = Ng/N.

In the semi-grand canonical (SGC) ensemble the T and chemical potentials, y4 and
g, are fixed and the probability of being in each microstate (or configuration) o is given

by
P(o,T) o< e 1E@)~Napa—Nypsl/ksT (6.55)

Further, since Ny + Ng = N and N is fixed we get

P(o,T) o e 1E@)~Ns(s—pa)l/ksT (6.56)

Configurations according to P(c) can be obtained using MC simulations, e.g. the stan-
dard Metrolpolis MC technique[184], where A atoms are flipped to B atoms and vice
versa. This allows averages such as (E(0)) and (Ng), and hence also x = (Ng)/N to be
calculated. Moreover, for a fixed T, Ay = pg — pa as a function of x, i.e., Ay = Ap(x, T),
can be obtain.

Once Apu(x, T) is known, we can perform thermodynamic integration, which is de-
scribed in Sec. 6.3.1, between two compositions at constant P and T using the thermo-
dynamic relation in Eq. (6.40) to find the Gibbs free energy difference between the two
compositions according to

G(xy, T) — G(x1,T) =N sz Ap(x, T)dx. (6.57)

X1
However, since F = G at P = 0, the Helmholtz free energy difference at zero pressure
may be found by switching G for F in Eq. (6.57). Further, in the MC simulation we

disregard F. and F;p,, hence, F = Ej — F.,,. From this follows that the configurational
free energy at composition x, F.o,¢(x, T), can be found from the following relation:

X

Eo(x) + Foont(x, T) = Eg(0) + NJ Ap(x’, T)dx".
0
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Here, x=0 corresponds to a pure A system, hence, Foonf(x =0,T) = 0.

Now;, if we return to the WC system, A and B could represent W and Ti, respectively.
Further, A and B could also represent C and C vacancy, respectively. In this case, B is
not an atomic species and, hence, the total number of atoms changes during the MC
simulation, i.e. N = N,. This ensemble is referred to as the grand canonical (GC) en-
semble. However, the methodology described above still holds if we let g = 0 and,
hence, Ay = pc. In WC there are two sublattices: W and C. Then, the configurational
free energy of any composition may be found by first integrating along the compo-
sition of the first sublattice while keeping the second fixed, and then integrating the
composition of the second sublattice while keeping the first fixed.

The configurational free energy can also be calculated using thermodynamic inte-
gration from MC simulations in the canonical (NVT) ensemble. Now, consider again
the same A-B system as above, then, in the canonical ensemble Ny, Ng, V and T are
kept fixed and the probability of observing a configuration is given by

P(o,T) o e 1E@]1/ksT (6.58)

Now, since we have a fixed composition the MC simulations involves swapping the
positions of an A atom and a B atom to generate configurations in the canonical en-
semble. From the MC simulation ensemble average of the potential energy for a fixed
x and T, i.e. (E(0)), 1, may be found. Further, since F(x,T) = E(x,T) — TS(x,T) and
E(x,T) = (E(0)) 1, finding the entropy S(x, T) will give us F(x, S). If we use the ther-
modynamic relation in Eq. (6.39) and [0E/dS]y r = [0U /S|y 1 we get

1
dS = =dU.
T

Hence, from a thermodynamic integration we may find the entropy difference between
two temperatures according to

S(x, T,) — S(x, Ty) " dSx )

With the definition of constant volume heat capacity C, = TdS/dT we get
T2 1
S(x,T,) — S(x,Ty) = J ?Cv(x, T)dT,
Tl

Now, since S(x, o) is known from ideal mixing, we may find the entropy for each tem-
perature according to

T
S(x,T) = S(x, ) + J % V(e T7)dT? . (6.59)

(o]
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Consequently, by computing the heat capacity for a series of temperatures allows for
extraction of the configurational entropy via (6.59). Cy is related to the variance of the
potential energy and can be calculated as[156, 179]

(E(0)*)y1 — (E(0)2 1
kgT?

Cv(x, T)=

As stated above we disregard F,] and F;}, in the MC simulations, and hence F(x,T) =
Ey(x) + Feone(x, T), where F(x,T) = (E(0))y1 — TS(x, T).

In Paper IV and Paper V, MC in the GC ensemble is used for the configurational
free energy of C vacancies in bulk y-WC and in y-WC thin films at §-WC/Co phase
boundaries in undoped cemented carbides, respectively. In Paper VI, MC in the canon-
ical ensemble is used for the configurational free energy of W-Ti substitutions and C
vacancies in y-(Ti,W)C thin films at §-WC/Co phase boundaries in Ti doped cemented
carbides.
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Conclusions

Using atomic-scale methods based on first-principles calculations, this thesis provides
several new insights to the thermodynamics of interfaces and surfaces in cemented
carbides. This includes insights to both properties associated with equilibrium ther-
modynamics, such as interfacial phase diagrams and wettability, and non-equilibrium
properties such as grain boundary sliding resistance. Many of these properties are hard
to investigate experimentally, especially on the atomic scale. Hence, insight from first-
principles are highly valued. Here follows an account of the main conclusions from the
appended papers.

7.1 Wettability and alternative binders

As a composite material, the unique macroscopic mechanical properties, i.e., simulta-
neous high hardness and good toughness, of cemented carbides rely heavily on the
microstructure of the material. For instance, to get satisfactory densification during
liquid phase sintering the binder phase must wet the carbide phase sufficiently. Fur-
ther, the high hardness is dependent on the existence of a continuous skeleton of car-
bide grains, while the high toughness is dependent on a continuous skeleton of binder
grains. Hence, to maintain a high hardness the binder must not wet carbide/carbide
grain boundaries, i.e., the grain boundaries must resist being infiltrated by the binder
phase. Further, Co has recently been reported as carcinogenic, especially in the form
of cemented carbide particle dust. Hence, there is currently a large driving force for
replacing Co as the dominating binder for some other transition metal such as Ni or Fe
or an alloy.

Wettability is an equilibrium property that is governed by equilibrium interface and
surface free energies. Hence, quantifying wettability using atomic-scale calculations
involves calculating the interface and surface free energies of the system.
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7.1.1 Interface and surface energies at 0 K

In Paper I, interface and surface energies in undoped WC-Co and WC-Ni cemented car-
bides at 0 K were calculated using density functional theory (DFT). The study included
WC/binder phase boundaries, WC/WC grain boundaries and WC and binder surfaces.
In all cases the local chemistry of the interface was optimized by considering different
interface/surface plane terminations and systematically substituting interface/surface
atoms to simulate equilibrium conditions in the cemented carbide. The model inter-
faces and surfaces are thoroughly presented in Chapter 5. In Paper I, it was found that
adsorption of binder atoms to WC surfaces and segregation of binder atoms to WC/WC
grain boundaries had a strong effect on the surface and grain boundary energies. In
the latter case we found that in essentially all studied grain boundaries atoms from
the binder phase in both WC-Co and WC-Ni cemented carbides segregate in half a
monolayer proportion. Moreover, there was a weak or no effect from changes in lo-
cal chemistry on WC/binder phase boundaries and binder surfaces. Additionally, from
Paper V it can be concluded that no changes in the local structure of WC/Co phase
boundaries occurs at low temperatures.

From Paper I it can be concluded that, in general, the phase boundaries were asso-
ciated with the lowest excess energies. Grain boundary and binder surface energies
were similar and somewhat larger compared with the phase boundary energies. The
WC surface energies were considerably larger than any other interface/surface ener-
gies. This is expected since it cost a lot to break the covalent bonds in WC compared to
the metallic bonds of Co. Further, in the phase and grain boundaries bulk carbide bonds
are replaced with carbide-binder bonds or new carbide bonds, hence not as expensive
as just breaking the bonds.

When comparing the two binders, Co and Ni, it was found that Ni has the lowest
surface energy. Moreover, the reduction in WC surface energy from adsorption of Ni
atoms were larger compared with Co. The reduction in grain boundary energy from
segregation of binder atoms was found to larger in WC-Co compared with WC-Ni.

7.1.2 Temperature dependent interface and surface free
energies

In Paper II, the temperature dependency of WC/Co phase boundaries, WC/WC grain
boundaries and WC and Co surfaces in undoped WC-Co cemented carbides were inves-
tigated using an analytical bond-order potential (ABOP). This included temperatures
above the melting temperature for the binder phase. The free energy methods used,
which are presented in Sec. 6.3, were: thermodynamic A-integration to an Einstein crys-
tal, temperature integration, quasi-harmonic approximation (QHA) and surface stress
for liquid surface free energy. Additionally, joining/cleaving simulations to calculate
the work of adhesion of WC/Co phase boundaries was used in order to calculate the
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WC/Co phase boundary free energy by combining with calculated values for the WC
and Co surface free energies.

The results shows that up to the melting point of the binder there is only minor
effect on the interface/surface free energies with a general decrease of about 10% from
the value at 0 K. Upon melting, the Co surface free energy decreases discontinuously.
Since there is no directional dependence of the liquid surface free energy, the size of
the discontinuity depends highly on the Co facet studied. However, taking the mean
of a Wulff construction using the (111) and (001) facets gives a jump of about 10% from
the surface energy at 0 K. Also the WC/Co phase boundary free energies may change
discontinuously depending on the type of phase boundary. Additionally, from Paper V
it can be concluded that there is only a minor decrease in phase boundary energy from
changes in the local structure of WC/Co phase boundaries at temperatures where the
binder has molten.

Now, returning to the results in Paper II, the behaviour of the excess free energies
for WC/WC grain boundaries and WC surfaces are not affected by the melting of the
binder phase. Further, the trend presented for the interface/surface energies in WC-Co
cemented carbides in the previous section holds for all studied temperatures. In fact,
the WC surface free energies, which have largest absolute value, decrease the least of
all interfaces and surfaces.

In Paper VI, Ti was found to segregate to WC/Co phase boundaries in Ti-doped ce-
mented carbides and form thin cubic (Ti,W)C films, both at solid state and liquid phase
sintering temperatures. The segregation was found to be in one monolayer proportion
and the decrease in WC/Co phase boundary energy from the addition of Ti depended
a lot on if gamma phase was precipitated in the material or not. However, it could be
comparable to the decrease in grain boundary energy from segregation of Co and Ni
atoms.

7.1.3 Wettability

In Paper I, we found that, in both WC-Co and WC-Ni cemented carbides, the wetting
of WC surfaces is stronger in W-rich materials compared with C-rich materials and
this dependency on the environment is caused by changes in the local chemistry of the
interfaces. When the binder wets a WC surface, the WC surface is replaced by a binder
surface and a WC/binder phase boundary, and the tendency for wetting is decided by
the balance of the interface energies in the dry and wet case. From the DFT calculations
we found that, at equilibrium with the binder phase, WC surfaces are generally C-
terminated with adsorbed binder atoms or either W or mixed W and C terminated
with fractions of the W atoms replaced for binder atoms. Further, the WC/Co phase
boundaries generally have W or mixed W and C termination with no substitution of
binder atoms and binder surfaces are free from W or C impurities. Hence, there is,
generally, a higher W content in the phase boundaries compared to the WC surfaces
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and upon wetting of the WC surfaces, W (C) atoms has to be added to (removed from)
the interface. This process is easier if there is an abundance of W in the binder.

We found that the wettability of WC surfaces by both binders, Co and Ni, are similar.
Further, in both WC-Co and WC-Ni the wetting is only partial at low temperatures.
However, by adding the temperature dependencies of the interface/surface free ener-
gies from Paper II to the 0K values for WC-Co we found that wetting is perfect for
a W-rich material, while partial for a C-rich material. This result is supported by an
experimental study on wettability in WC-Co cemented carbides for various C-contents
found in the literature[41].

When the binder phase wets, or infiltrates, a WC/WC grain boundary, the grain
boundary is replaced by two WC/binder phase boundaries. Again, it is the balance of
interface energies between the dry and wet case that that is the measure of the ten-
dency for for wetting (infiltration). In Paper I, the grain boundaries are found to resist
infiltration in by the binder phase in both WC-Co and WC-Ni at 0 K. However, the
resistance is weaker in WC-Ni compared to WC-Co, which can be explained by the
stronger segregation of binder atoms to WC/WC grain boundaries in WC-Co and lower
WC/binder phase boundary energies in WC-Ni. By adding temperature effects from
Paper II to the 0 K values for WC-Co we found that grain boundaries will resist infiltra-
tion also at liquid phase sintering temperatures, however, the resistance is somewhat
weakend. This supports the conclusion that a continuous skeleton of hard phase WC
grains inside a matrix of binder phase is built up during the sintering process[4, 30] giv-
ing rise to the materials superior mechanical strength. Regarding alternative binders,
Ni should wet WC surface equally well as Co, however, there is an increased risk of
infiltrating WC/WC grain boundaries at high temperatures.

The formation of cubic WC films at the WC/Co phase boundaries, which were pre-
dicted in Paper V, will likely not affect the wetting behaviour drastically since the
change in interface energy is very small. Additionally, due to the rather large struc-
tural changes needed, it is likely that these films do not form directly during wetting
but rather during the solution-reprecipitation stage of the sintering. This is likely also
case with complexions formed in doped cemented carbides.

7.2 Grain boundary sliding

Grain boundary sliding is thought to be the most important deformation mechanism of
WC-Co cemented carbides at high temperatures and it is believed to be facilitated by
grain boundaries being broken up and infiltrated by grain boundaries. In Paper III, an
ABOP for WC-Co was fitted and used in molecular dynamics (MD) simulations to study
grain boundary sliding with various amounts of Co in the grain boundary at different
temperatures. Grain boundary sliding was simulated by moving two WC grains in op-
posite directions with a constant velocity and measuring the resulting shear stress. The
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most stable grain boundary configurations, i.e., with 0.5 monolayer of segregated Co,
was found to give the highest shear stress. These grain boundaries were found to amor-
phize during the sliding which explains the higher shear stress compared to the clean
grain boundaries that slid in a manner that resembles misfit dislocation motion, during
which, fewer bonds are simultaneously broken. Hence, submonolayer segregation of
binder atoms to WC/WC grain boundaries strengthens the material by impeding grain
boundary sliding. Furthermore, for Co lamella of 6 atomic layer thickness, i.e. roughly
1nm, the shear stress dropped by one order of magnitude at 1500 K compared to the
most stable configuration. Also at lower temperatures the shear stress was reduced
significantly by introducing the Co lamella. Consequently, very thin lamellas of Co is
sufficient to facilitate grain boundary sliding. For systems with a few atomic layers of
more of Co the melting of Co lowered the shear stress by approximately one order of
magnitude.

7.3 Thin cubic films in WC/Co phase boundaries

During sintering, especially in the liquid phase stage, the WC grains grows by means
of solution-reprecipitation. To get a material with a high strength it is important to
keep the size of the WC grains small. Hence, grain growth inhibitors, such TiC or
VC, are added to the material. The grain growth inhibition is believed to be caused by
the formation of thin cubic films (complexions) at WC/binder phase boundaries that
hinders reprecipitation of W and C to the WC grains. These films have been observed
in high resolution TEM studies, however, to understand the thermodynamics of these
complexions, atomic scale calculations are crucial.

The study of thin cubic film complexions at WC/Co phase boundaries is spread out
over the last three papers of this thesis, i.e., Papers IV-VI. In industry, doped cemented
carbides are of most importance and to that end the final paper of this thesis is an inves-
tigation of the thermodynamics of cubic (Ti,W)C films in Ti doped cemented carbides.
Cubic films are, however, also observed at WC/Co phase boundaries in undoped WC-
Co cemented carbides. Consequently, to get deeper understanding of the stabilization
of the thin cubic films, the more pure undoped case was studied first.

7.3.1 WOC bulk phases

The cubic WC bulk phase, referred to as y-WC, is only thermodynamically stable above
2800 K and it can contain a lot of C vacancies. Hence, to be able to predict the forma-
tion of y-WC complexions at WC/Co phase boundaries a precise description of y-WC
phase is needed. In Paper IV, y-WC was therefore thoroughly studied by constructing
an alloy cluster expansion (CE) for C vacancies from DFT calculations to find ground
states and running MC simulations to find the configurational free energy for vari-
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ous C concentration. Since y-WC with a low vacancy concentration is dynamically
unstable at low temperatures, standard vibrational free energy techniques such as har-
monic approximation (HA) and QHA are not relevant. Instead, ab-initio molecular
dynamics (AIMD) simulations of the ground states were used to construct effective
harmonic models (EHMs) for various temperatures, which were then used to find the
vibrational free energy. The effect of stronger vibrational free energy for disordered
high-temperatures structures was also included. Additionally, electronic free energy
was included and, finally, the free energy was optimized with respect to volume which
thus incorporated thermal expansion. These free energy methods were presented in
Sec. 6.3. 6-WC, i.e. hexagonal WC, which is stable below 2800 K was also studied, how-
ever, since §-WC is essentially stoichiometric, C vacancies were treated in the dilute
limit. The free energy landscapes were used to generate a W-C phase diagram in rather
good agreement with experimental phase diagrams. It was concluded that the y-WC
phase is far more anharmonic and has a stronger electronic free energy contribution
compared to 6-WC. Further, at high temperatures, it was crucial to incorporate disor-
dered structures in the calculation of the vibrational free energy for high C vacancy
concentrations.

7.3.2 Undoped cemented carbides

For the thin film complexions it was not feasible to perform an analysis corresponding
to the one in Paper IV. Therefore, a simpler modeling was used for the thin films in
Paper V. The modeling involved generating alloy CEs based on DFT calculations to
find ground states and running MC simulations to find the configurational free energy
for multiple thin film structures and treating the vibrations in the HA for the ground
states. Then, corrections from the bulk analysis in Paper IV were added.

The study considered thin cubic films in the (0001) WC/ (111) Co phase boundary, see
Sec. 5.4.2 for more details, and from the free energy landscape an interfacial phase di-
agram was created. Thin cubic films were predicted in W-rich materials above 1800 K,
however, not in C-rich materials. The films forms more easily in W-rich materials
mainly since C vacancies are more favourable under W-rich conditions compared with
C-rich conditions. Thin cubic films in undoped cemented carbides are generally not
believed to be stable at room temperature, instead it forms during liquid phase sinter-
ing and freeze in during the subsequent cooling. Hence, the presence of films also at
room temperatures. In the literature, thin cubic films are reported from experiments in
both W-rich and C-rich materials, however, more frequently observed in W-rich mate-
rials[10]. Furthermore, it is possible that fluctuations in the composition of the material
may increase the W content locally thus allowing films to form also in C-rich materials.
Hence, the results of Paper V agrees rather well with experiments.

Since, there is still a cost of creating y-WC at 1800K very thin films, only 4 W/C
atomic layers, were predicted in Paper V. This is somewhat thinner than the films ob-
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served experimentally, however, in an experimental set-up films might grow beyond
the equilibrium thickness since the transformation of inner atomic layers from y-WC to
6-WC may be limited by kinetic processes. Further, in experiments only W atoms are
visible and very thin cubic films are therefore harder to identify. Moreover, the layer
spacings of the thicker model systems agrees well with experimental layer spacings
from Ref. [10], indicating that the models are relevant.

7.3.3 Ti-doped cemented carbides

In Paper VI, thin films of cubic structure in Ti-doped cemented carbides was studied.
Here, the method used for the undoped case was extended to include W Ti substi-
tutions. Thin cubic (T1i,W)C films were predicted at both solid state and liquid phase
sintering temperatures. Further, the films were found to be stable also for Ti concen-
trations when no gamma phase is formed in the material. Hence, the grain inhibition
effect should be present already for low amounts of Ti addition. Moreover, since the
TiC/Co phase boundary is associated with a considerably higher excess energy com-
pared to the y-WC/Co phase boundary, Ti was primarily found in the inner layers of
the thin films, leaving the outer layer towards Co W-terminated. This structural obser-
vation agrees very well with a recent HRTEM study of thin films in Ti doped cemented
carbides[110]. Hence, Paper VI provides an atomistic explanation as to why Ti is not
found in the terminating carbides planes towards the binder. Furthermore, C vacancy
concentrations in the (Ti,W)C film were found to be low and, hence, not a crucial fac-
tor for the stabilization of the films. However, they were found to decrease the layer
spacing in the cubic film and give a more correct match to layer spacings observed
experimentally[110].

89






Outlook

In this thesis interfaces and surfaces in cemented carbides have been thoroughly studied
using atomic-scale methods and many new insights to the thermodynamics of the in-
terfaces and surfaces has been found. With the acquired knowledge about atomic-scale
computations there are plenty of possible extension to the work in this thesis. Since
there is a large drive towards replacing Co as the primary binder, further analysis of
interface and surface properties of cemented carbides with alternative binders would
be highly valued in the community of cemented carbides. This could include proper-
ties such wetting and the formation of complexions which are both important factors
in the manufacturing of cemented carbides. Further, the bulk analysis performed in
Paper IV could be applied to other systems which could aid in developing thermody-
namic databases or phase diagrams. These are crucial assets when new compositions
are searched for in order to get a material with the desired phase composition. More-
over, the analysis of thin cubic films in WC/Co phase boundaries are possible to extend
to other dopants or even systems with multiple dopants. Furthermore, MD simulations
using the ABOP, similar to the ones in Paper III, could be used to simulate cemented
carbide microbeam bending to get detailed atomistic information on the failure of these
microbeams. This could be a good complement to experimental studies on microbeam
bending in cemented carbides found in the literature. Finally, MD simulations with the
ABOP could be used to study the initial growth of WC grains from nucleation of W and
C atoms from the binder phase.

There are also possibilities for improvements of the methods in the appended stud-
ies. For instance, the magnetic free energy contribution and local spin fluctuations,
which might be important for Co, has not been included in the temperature depen-
dent free energy calculations. Furthermore, the connection between vibrational and
configurational degrees of freedom could be improved by sampling the vibrational free
energy contributions for a larger set of structures that are representative for the rele-
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vant temperature. This is, however, something that will add more computational time
to methods that already consume a considerable amount of computer time. It would,
therefore, be more desirable to do a more effective and coupled sampling of the config-
urational and vibrational degrees of freedom. In MD simulations the times accessible
are in general too short to sample a wide enough area in configurational space. How-
ever, this shortcoming can perhaps be overcome by effectively couple MD and MC
simulations.
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