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Technology Centre (UTC), Department of Materials Science and Metallurgy, University of 

Cambridge between October 2015 and September 2019.  This dissertation is the result of my 
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Abstract 

Ni-based superalloys currently in service as aero-engine turbine discs are operating at the limit 

of their high-temperature capability.  Next-generation turbine disc superalloys must be capable 

of sustaining the higher operating temperatures (approaching 800°C) and stresses required for 

greater thermal efficiency, whilst maintaining mechanical integrity and excellent oxidation 

resistance.  Studies on the emerging γ'-strengthened Co-based superalloys based on the Co-Al-

W and Co-Al-Mo-Nb/Ta systems have been successful in mitigating the respective drawbacks 

of high mass density and low γ' solvus temperature by incorporation of Ni, Ti or Cr.  However, 

detailed systematic investigation of the fundamental quinary system, Ni-Co-Al-Ti-Cr, is 

essential to provide a baseline against which to compare the influence of higher-order alloying 

with elements, such as W, that potentially confer superior high-temperature properties. 

To this end, seven γ'-strengthened model superalloys of composition 

(Ni,Co)75Al5Ti5Cr15 (at.%) were fabricated, aged at 800°C for 1000 hours, and the effect of 

increasing Co:Ni ratio on their resultant microstructural characteristics and critical properties 

was determined.  For alloys of Co content 0, 9, 19, 28, 38, 47 and 56 at.%, γ' solvus temperature 

decreased with increasing Co:Ni ratio, whilst alloy mass density remained fairly constant 

across the alloy series at ~8.1 g.cm-3.  Atom probe tomography (APT) was used to determine 

the elemental partitioning behaviour and γ' volume fraction for each of the seven alloys, 

denoted 0Co, 9Co, 19Co, 28Co, 38Co, 47Co and 56Co.  From APT, a non-monotonic trend in 

Ti, Al and Cr partitioning was observed as Co:Ni ratio increased, with a transition at ~19 at.% 

Co.  From neutron diffraction analysis, the γ-γ' lattice misfits of alloys 0-47Co were found to 

be positive at all test temperatures (ambient, 400, 600, 700 and 800°C) and the magnitude of 

lattice misfit increased as Co content increased from 0-38 at.%.  Lattice misfit values decreased 

with increasing temperature, the lowest values being obtained for 800°C. 

Crucially, this study also investigated the effect of a systematic increase in Co:Ni ratio 

on oxidation performance of γ-γʹ alloys of composition (Ni,Co)75Al5Ti5Cr15 (at.%).  The seven 

model superalloys (0Co, 9Co, 19Co, 28Co, 38Co, 47Co and 56Co) underwent isothermal 

oxidation in air at 800°C using both thermogravimetric analysis (100 hours) and box-furnace 

exposure (1000 hours).  X-ray diffraction was carried out to identify surface oxide phases 

present.  Scanning electron microscopy (SEM)-energy dispersive X-ray spectroscopy (EDS) 

and secondary ion mass spectrometry were performed to map elemental distribution and to 

provide precise chemical analysis of any thin surface oxide layers present.  Following 1000 
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hours oxidation at 800°C, the 28Co, 38Co and 47Co alloys were observed to exhibit a flat, 

compact, well-defined external scale and Cr2O3 layer with minimal oxygen ingress, together 

with a distinct Al2O3 sub-scale. 

This work represents the first detailed systematic study on the fundamental quinary Ni-

Co-Al-Ti-Cr alloy system describing the effect of variation in Co:Ni ratio on the evolution of 

surface oxides and on the partitioning of elements to γ and γ' phases and associated lattice 

misfit. 

The influence of 3 at.% W addition to the base alloy Ni-Co-5Al-5Ti-15Cr (at.%) system 

was investigated by examining the effect of increasing Co:Ni ratio on microstructure, phase 

transition temperatures (γ' solvus, solidus and liquidus), mass density and Vickers 

microhardness.  3 at.% W was substituted for 1.5 at.% Ni and 1.5 at.% Co to achieve a series 

of six alloys of composition (Ni,Co)72Al5Ti5Cr15W3 (at.%), denoted 0Co-3W, 17Co-3W, 27Co-

3W, 36Co-3W, 45Co-3W and 55Co-3W.  These alloys were homogenised (1250°C) and 

subsequently aged for 1000 hours at 800°C.  With 3 at.% W incorporation, γ' solvus 

temperature decreased with increasing Co:Ni ratio following the same trend as seen for the W-

free alloys, although values were consistently higher in the W-containing alloys.  Of the W-

free alloys, the 19Co alloy exhibited an optimal combination of high γ' solvus temperature 

(1113°C) and maximal Vickers microhardness (~425 HV).  Of the W-containing alloys, the 

27Co-3W alloy exhibited a γ' solvus temperature of 1122°C (Vickers microhardness ~436 HV), 

although the 17Co-3W alloy exhibited a higher γ' solvus temperature of 1143°C (Vickers 

microhardness 424 HV).  3 at.% W addition to the quinary Ni-Co-5Al-5Ti-15Cr (at.%) alloy 

series led to an increase in alloy mass density from ~8.1 g.cm-3 to ~8.5 g.cm-3.  Incorporation 

of 3 at.% W into the base alloy Ni-Co-5Al-5Ti-15Cr (at.%) thus permits a novel systematic 

comparison between the fundamental properties of the senary and W-free quinary alloy 

systems with respect to the influence of increasing Co:Ni ratio. 
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1. Introduction: The Role of Alloying Elements in Polycrystalline Superalloy 

Design for Aero-engine Turbine Discs 

Ni-based superalloys have been extensively employed in the hot section of gas turbines as they 

offer an excellent balance of high-temperature strength, creep resistance and fatigue 

performance as well as resistance to high-temperature oxidation and corrosion.  Much of the 

literature concerning Ni-based superalloys relates to their use as single-crystal turbine blades, 

which are protected by a thermal barrier coating and further insulated from the hot gas stream 

by film cooling, in which cool air is bled from the compressor and ducted through small holes 

in the blade wall, allowing the blades to operate in a gas stream at temperatures above their 

melting point.  In contrast, polycrystalline Ni-based superalloys for aero-engine turbine disc 

applications are typically uncoated and are required to sustain rim temperatures of ~700-800°C, 

requiring a diffusion-resistant, continuous oxide scale to protect the underlying alloy from 

further oxidative degradation.  Thus, turbine discs must be engineered to possess adequate 

creep resistance at the rim as well as a combination of excellent high-temperature strength, 

dwell fatigue crack growth resistance, oxidation resistance and toughness.  

The excellent high-temperature strength exhibited by Ni-based superalloys currently 

deployed as aero-engine turbine discs derives principally from the L12 precipitates (γ') based 

on Ni3Al, coherently embedded in an FCC Ni-rich solid solution matrix (γ).  Since the 1940s, 

progressive improvements in aero-engine thermal efficiency have been achieved by increasing 

the turbine entry temperature [1], requiring progressive improvements in the temperature 

capability of superalloys used for both turbine blades and discs.  However, more recently, the 

incremental improvements in the temperature capability of conventional Ni-based superalloys 

achieved by judicious alloying and advances in processing are tending towards a plateau.  The 

next challenge, therefore, is to develop an alloy system for turbine discs that retains mechanical 

integrity and oxidation resistance in a high-stress environment at temperatures approaching 

800°C, without the physical application of a protective coating.  It is therefore fortuitous that 

Lee, 1971 [2] carried out extensive studies on the formation of a strengthening L12-γ' phase in 

Co alloys and reported an apparent ordered superlattice phase in the Co-Al-W system, 

analogous to the L12 Ni3(Al,Ti) precipitate phase in conventional Ni-based superalloys.  Over 

the last decade, research has intensified on L12 γ'-strengthened Co-based superalloys and 

recently, more studies have accrued to suggest that beneficial high-temperature properties may 

be derived from alloys intermediate between Ni-based and Co-based compositions. 
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1.1 Polycrystalline γ'-strengthened Nickel-based Superalloys 

Polycrystalline Ni-based superalloys currently in service as high-pressure turbine discs 

typically comprise a Ni-rich solid solution (γ phase) of face-centred cubic (A1 in 

Strukturbericht notation) crystal structure [3] strengthened by precipitates of an ordered 

intermetallic Ni3Al (γ' phase), of primitive cubic L12 superlattice structure [4, 5] (Figure 1.1).  

Between 8 and 12 additional elements are typically incorporated into the superalloy to optimise 

the critical properties of high-temperature strength, creep resistance and oxidation resistance.  

Other important properties required for turbine disc alloys include low mass density, low cost 

and ease of processability. 

Figure 1.1. Unit cells of the disordered FCC (A1) γ matrix phase (left) and ordered L12 γ' precipitate 

phase in which Ni and Al have specific site occupancies (right).  Adapted from [1]. 

The A1 crystal structure of Ni not only favours high ductility of the γ phase [6] but also 

the low rate of elemental diffusion required for microstructural stability and creep resistance 

[1].  Furthermore, Ni is stable in the FCC form from ambient temperature up to its melting 

point, thus avoiding any potential phase transformation that might lead to expansion or 

contraction thereby complicating its use in high-temperature components [1].  Ni as a solvent 

provides good solid solubility for alloying elements such as Cr that can strengthen the γ phase 

through solid solution hardening [5, 7] (section 1.1.1 v).  However, it is the L12 γ' precipitate 

phase (Figure 1.2) that confers the characteristic increase in proof stress with increasing 

temperature that has been so pivotal to the success of Ni-based superalloys as aero-engine 

turbine components (section 1.1.1 i).  This geometrically close-packed (GCP) γ' phase [5, 8, 9] 

is inherently ductile [10, 11, 12] and precipitates coherently with the A1 γ-Ni matrix [5, 11], 

adopting a cube-cube orientation relationship with the parent γ [1]:  

{100}γ // {100}γ'  <010>γ // <010>γ' 

Diagram showing A1 and L12 unit cells removed for copyright reasons.  Copyright holder is R.C. 

Reed, Cambridge University Press. 
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Figure 1.2. High angle annular dark field (HAADF) scanning transmission electron microscopy 

(STEM) image of a Ni-28Co-5Al-5Ti-15Cr (at.%) model superalloy aged at 800°C for 1000 hours, 

showing γ' precipitates embedded within a γ matrix.  Image acquired using an FEI Tecnai Osiris 

transmission electron microscope. 

The Ni-Al binary phase diagram (Figure 1.3) indicates that addition of >10 at.% Al to 

Ni stabilises formation of the L12 Ni3Al (γ') phase at temperatures above ~300°C.  This γ' phase, 

shown to remain fully ordered up to a temperature approaching its melting point [4, 5, 13, 14], 

precipitates from γ-Ni on cooling through the γ' solvus temperature.  The γ' solvus temperature 

should be sufficiently above the superalloy operating temperature to retain a γ-γ' microstructure 

in service, but sufficiently below the alloy solidus temperature to provide an adequate heat 

treatment window, ΔT, in which A1 γ is established as the thermodynamically stable phase 

(Figure 1.4).  This is essential for homogenisation heat treatment following solidification to 

eliminate residual micro-segregation [1, 5].  The γ'-Ni3Al intermetallic exhibits considerable 

solubility for substitutional elements such as Ti and Nb [4], which significantly influence the 

γ' solvus temperature.  In general, the equilibrium γ' mole fraction increases with decreasing 

temperature below the γ' solvus, as illustrated in Figure 1.4 for the model superalloy Ni-28Co-

5Al-5Ti-15Cr (at.%). 
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Figure 1.3. Phase diagram of the Ni-Al binary alloy system, where the blue and white regions indicate 

single-phase and two-phase fields respectively [15]. 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 1.4. Graph showing equilibrium mole fraction of the A1-γ phase (green line), L12-γ' phase (red 

line) and liquid phase (blue line) as a function of temperature computed for the Ni-28Co-5Al-5Ti-15Cr 

(at.%) model superalloy using Thermo-Calc software with the TCNi8 database.  The heat treatment 

window (ΔT) is indicated, in which γ is the established thermodynamically stable phase.  

γ 

Ni-Al binary phase diagram removed for copyright reasons.  Copyright holder is ASM 

International. 
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1.1.1 Optimising High-Temperature Strength and Creep Resistance 

The γ-Ni phase possesses the A1 crystal structure in which operative slip systems are 

of the type 
𝑎

2
< 110 >{111} where a is phase lattice parameter [1].  Thus, unit (perfect) 

dislocations in the γ phase (i.e. those not affecting the stacking sequence of the crystal) exhibit 

a Burgers vector (𝑏) of the form 
𝑎

2
< 110 > and glide on the crystallographic {111} planes 

[16].   

(i) Order Strengthening Conferred by the γ' Phase 

A major strengthening mechanism in Ni-based superalloys is the order hardening 

conferred through precipitation of the L12 γ'-Ni3Al intermetallic phase from the γ-Ni solid 

solution.  Under moderate stress, a perfect 
𝑎

2
< 110 >{111} dislocation in the γ phase can glide 

through the γ' superlattice to become a partial dislocation (superpartial), interrupting the atomic 

stacking sequence and forming an anti-phase boundary (APB) fault, thereby incurring a 

substantial energy penalty [1, 17].  The original ordered γ' stacking sequence is restored by 

glide of a trailing superpartial, which can enter the γ' precipitate at lower applied stress [18].  

Superpartial dislocations thus travel in pairs separated by an APB and this assembly is referred 

to as a superdislocation [19].   

For the L12 Ni3Al γ' phase, increasing temperature up to ~780°C is reportedly 

associated with an increase in 0.2% flow stress [20] (Figure 1.5).  Addition of Nb, Ti or Cr was 

observed to influence the magnitude of peak flow stress and the temperature at which peak 

flow stress occurred [20]. 
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Figure 1.5. Temperature dependence of 0.2% flow stress for L12-Ni3Al (γ') (black circles).  The effect 

of elemental addition is shown by open symbols [20].  

The mechanism by which 0.2% flow stress of Ni3Al increases with increasing 

temperature up to ~780°C is generally considered to derive from thermally-activated cross-slip 

of a screw segment of a leading γ' superpartial from the glissile {111} slip planes to the sessile 

{100} planes, which are associated with lower APB energy [1, 21, 22, 23].  This configuration, 

the Kear-Wilsdorf lock [22, 24] (Figure 1.6), restricts dislocation glide on {111} planes as the 

cross-slipped screw segment cannot glide without formation of a trailing APB, rendering the 

assembly immobile [1, 25].  However, above a critical temperature (typically ~800°C) the flow 

stress of γ' decreases with further increases in temperature, an effect attributed to thermal 

activation of dislocation glide on {100} planes [1, 26].  

 

 

 

 

 

Graph showing 0.2% flow stress – temperature plots for L12-Ni3Al with various elemental 

addition removed for copyright reasons.  Copyright holder is Springer Nature. 
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Figure 1.6. (a) Kear-Wilsdorf lock cross-slip mechanism, as originally proposed by Kear and Wilsdorf, 

1962 [24].  Each black circle represents a Shockley partial (adapted from [22]).  (b) Zoom in of the 

dissociated screw dislocation in (a) showing an L12 Ni3Al 𝑎[110] superdislocation dissociated into two 
𝑎

2
[110] superpartials separated by an APB.  Each superpartial has dissociated into its component 

Shockley partials (black circles) separated by a complex stacking fault (adapted from [19]).  Note that 

a is phase lattice parameter. 

The lower APB energy of the {100} planes compared with the {111} planes is 

considered a major driving force for dislocation cross-slip from {111} to {100} [17, 27].  

Therefore, in superalloy design, the aim is to raise the APB energy of the γ' phase on its {111} 

planes at the intended service temperature.  One way of achieving this may be through 

increasing the Ta:Al concentration ratio of the γ' phase [28]. 

 

 

a) Diagram showing Kear-Wilsdorf lock cross-slip mechanism removed for copyright reasons.  

Copyright holder is Elsevier. 

b) Diagram showing detail of dissociated screw dislocation removed for copyright reasons.  

Copyright holder is Taylor and Francis.  
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(ii) Influence of γ' Volume Fraction 

In γ-γ' alloys based on the Ni-Cr-Al system, increasing volume fraction of γ' precipitates 

(0.5 µm diameter) increased 0.2% flow stress at high temperature (≥900°C) [4].  Alloys with 

large γ' volume fraction reportedly deformed by precipitate shear whereas alloys with low γ' 

volume fraction deformed by bowing of unpaired dislocations within the A1 matrix [4].  For 

Ni-based superalloys at temperatures in the range 705-980°C, an increase in γ' volume fraction 

reportedly increased creep resistance [6, 29] (Figure 1.7).  Figure 1.7 indicates that, in driving 

the temperature capability of turbine disc alloys toward 800°C, it is desirable to increase γ' 

volume fraction to retain the same level of creep resistance.  This may be accomplished by 

adding higher concentrations of γ'-formers, namely Al, Ti, Nb and Ta [12].  However, this 

should be weighed against potential deterioration in fatigue crack growth resistance, associated 

with high γ' volume fraction [30].  Most conventional disc alloys incorporate a γ' volume 

fraction in the range of 0.40-0.55 [1].  As turbine blades demand superior creep resistance, the 

single-crystal Ni-based superalloys used in blade applications require a greater γ' volume 

fraction (0.60-0.70) [31].  This permits reduction in width of the γ channels separating γ' 

precipitates, corresponding to an increase in Orowan stress and thus to enhanced creep 

resistance [1, 31].  

Figure 1.7. Rupture stress (σ) after 100 hours as a function of γ' volume fraction in superalloys at 

temperatures between 705 and 980°C [6].  

Graph showing rupture stress as a function of γ' volume fraction removed for copyright reasons.  

Copyright holder is Springer Nature.  
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(iii) Influence of γ' Precipitate Size 

The critical resolved shear stress (𝜏CRSS) of a Ni-based superalloy is dependent on the 

mean size of coherent γ' precipitates relative to the distance between paired superpartial 

dislocations (Figure 1.8).  Characteristic of the under-aged condition, the distance separating 

paired superpartials is large compared with γ' precipitate diameter, such that the trailing 

superpartial lags behind the first, allowing faulted γ' precipitates to reside between the two 

superpartials [1].  This is referred to as weak coupling of paired superpartials, for which the 

extent of hardening is proportional to the square root of precipitate radius, r [1, 32, 33].  

Conversely, for the over-aged condition, the spacing between paired superpartials becomes 

comparable to the γ' precipitate diameter such that a single precipitate may contain a 

superpartial pair.  This is referred to as strong coupling, for which the degree of hardening is 

inversely proportional to √𝑟 [1, 32, 33].  Maximum 𝜏CRSS is achieved when precipitate size 

favours the mechanism of precipitate shear that lies at the transition between weakly-coupled 

and strongly-coupled superpartials [34, 35] (Figure 1.8).  Therefore, particle size distribution 

(PSD) within a superalloy is pivotal in governing alloy strength and can be optimised through 

controlled heat treatment schedules [33, 36, 37].  A physics-based model for predicting yield 

stress of superalloys, accounting for unimodal and multimodal γ' PSD, has been proposed by 

Galindo-Nava et al. 2015 [38].   

Figure 1.8. Schematic representation of critical resolved shear stress (𝜏𝐶𝑅𝑆𝑆) as a function of γ' 

precipitate size [33].  The predominant mechanism by which shearing of the γ' precipitates occurs is 

indicated by the shaded region.  For maximum 𝜏𝐶𝑅𝑆𝑆, precipitate size is such that the active shearing 

mechanism corresponds to the transition between weak and strong superpartial coupling modes.  

Diagram showing critical resolved shear stress as a function of precipitate size removed for 

copyright reasons.  Copyright holder is Elsevier. 
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It should be noted that, in polycrystalline disc superalloys, the intragranular γ' PSD has 

a significant influence on alloy resistance to dwell fatigue crack growth.  For superalloy 

RR1000, slower dwell fatigue crack growth rates have been reported for a microstructure 

comprising coarser and/or fewer γ' precipitates [39].   

(iv) Importance of Coherence of the γ-γʹ Interface 

The degree of coherence of the γ-γʹ interface influences γʹ precipitate morphology [40], 

γʹ coarsening kinetics [4] and the resultant mechanical properties of the superalloy.  At a given 

temperature, the lattice parameter (a) of the γ and γ' is related to lattice misfit (δ) by Equation 

1.1 [1, 5, 41]:   

𝛿 = 2
[𝑎

𝛾′  − 𝑎𝛾]

[𝑎𝛾′  + 𝑎𝛾]
              Equation 1.1 

Provided that elemental partitioning between γ and γ' phases at service temperature results in 

comparable lattice parameters, then the magnitude of δ is small, the γ-γ' interface is coherent 

and the interfacial strain energy is low [1].  A large magnitude of lattice misfit generates 

coherency strain fields in the γ matrix that interact with the strain fields of edge dislocations 

[42, 43] and hinder their glide.  This strengthening mechanism is important for turbine disc 

alloys designed to operate at lower temperatures i.e. <0.6Tm, where Tm denotes superalloy 

melting temperature [12].  At higher temperatures there is an increased driving force for 

Ostwald ripening (coarsening) of the γ' [44], which can facilitate dislocation bypass [45], 

adversely affecting creep resistance [11, 12, 46].  Therefore, to maintain stability of the 

precipitate array at higher in-service temperatures in Ni-based superalloys, turbine disc alloy 

design strives toward a near-zero γ-γ' lattice misfit at operating temperature.  This may be 

achieved by controlling superalloy composition such that elemental partitioning between γ and 

γ' phases generates similar lattice parameters of the two phases [4].  

To understand the influence of solute elements on phase lattice parameters it is useful 

to consider Vegard’s relation:  

       𝑎𝛾 =  𝑎0
𝛾

+ 𝛴𝑖(𝛤𝑖
𝛾

𝑥𝑖
𝛾

)                            Equation 1.2 

     𝑎𝛾′ =  𝑎0
𝛾′

+ 𝛴𝑖(𝛤𝑖
𝛾′

𝑥𝑖
𝛾′

)               Equation 1.3 

where 𝑎0
γ
 and 𝑎0

γ′

 are the lattice parameters of pure Ni and Ni3Al respectively; 𝛤𝑖
γ
 and 𝛤𝑖

γ′

are 

the Vegard coefficients of element i in γ and γ' respectively; 𝑥𝑖
γ
 and 𝑥𝑖

γ′

are the concentrations 
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of i in γ and γ' respectively [1].  Equations 1.2 and 1.3 define the relationship between phase 

elemental content (𝑥𝑖) and the efficacy of solute per at.% (𝛤𝑖) in expanding the γ and γ' lattice 

parameters.  Achieving a near-zero lattice misfit therefore requires consideration of preferential 

partitioning of elements and of the magnitude of elemental Vegard coefficients in γ and γ' [1] 

(Figure 1.9).  Adjustments in alloy chemistry required to achieve a low lattice misfit at a given 

temperature inevitably have a concomitant effect on γ' APB energy, which must be taken into 

account in alloy design.  Additionally, it should be noted that the degree of misfit of an alloy 

is influenced by its homogenisation and ageing heat treatments and subsequent cooling rates 

[47, 48, 49].   
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Figure 1.9. Vegard coefficient shown in relation to elemental position in the transition metal series: (a) 

disordered A1 Ni-rich solid solution (γ); (b) ordered L12 Ni3Al (γ') phase.  Figure from [1]; data from 

[50].  (Note that in Figure 1.9a values for Mo and W have been transposed.) 

 

 

a) Diagram showing Vegard coefficients for the A1-Ni phase removed for copyright reasons.  

Copyright holder is R.C. Reed, Cambridge University Press. 

 

b) Diagram showing Vegard coefficients for the L12-Ni3Al phase removed for copyright reasons.  

Copyright holder is R.C. Reed, Cambridge University Press. 
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(v) Solid Solution Hardening of γ and γ' Phases 

Due to the considerable solid solubility of austenitic superalloys for many alloying 

elements, extensive solid solution hardening of both γ' and γ phases can be achieved.  

Differences in atomic radius between solvent atoms and substitutional solute atoms distort the 

crystal lattice and generate elastic strain fields that interact with those of edge dislocations [51, 

52, 53], hindering their migration such that yield stress increases.  Within solid solubility limits, 

this strengthening effect appears to increase with increasing concentration of solute elements 

and with atomic size misfit and therefore Vegard coefficient [4, 7, 53] (Figure 1.9).  An atomic 

size misfit exceeding ~15% reportedly limits solid solubility of substitutional elements [7, 54].  

Hence, the most potent solid solution hardeners of γ and γ' phases are solute elements that 

exhibit moderate atomic size misfit with the solvent lattice.  Solid solution hardening of the γ 

phase provides a baseline strength level as well as resistance to primary (transient) creep [1]. 

(vi) Lowering Stacking Fault Energy (SFE) Within the γ Phase 

One mechanism by which creep resistance of a Ni-based superalloy can be increased is 

by hindering dislocation cross-slip (i.e. change of slip-plane) through reducing the stacking 

fault energy (SFE) of the γ phase.  It is energetically favourable, by Frank’s rule, for each unit 

dislocation in the γ phase to dissociate into two Shockley partial dislocations [1, 16]: 

𝑎

2
< 110 > →  

𝑎

6
< 121̅ >  + 

𝑎

6
< 211 > 

Passage of a single Shockley partial through the A1 γ phase disrupts the atomic stacking 

sequence of the close-packed {111} planes (originally ABCABCABC) to produce 4 adjacent 

planes of A3 hexagonal close-packing (ABCACABC) [16].  Passage of the second Shockley 

partial through the faulted crystal restores the stacking sequence back to that characteristic of 

A1 [16].  Equilibrium partial separation is achieved by balancing the force of elastic repulsion 

between paired partials with the energy of the planar defect created (SFE) [1, 55].  Therefore, 

it follows that lower SFE leads to more widely-spaced partials.  Crucially, Shockley partials 

must locally recombine for cross-slip of screw segments of unit dislocations to occur around 

obstacles such as precipitates [1].  Partials that are more widely-spaced do not recombine as 

readily.  Thus, lower SFE impedes dislocation cross-slip [56], thereby retarding creep strain 

accumulation [57]. 
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The degree of faulting in the γ phase of Ni-based superalloys and their resultant creep 

resistance is highly dependent on alloy composition.  For example, Co possesses a stable A3 

allotrope and can thus decrease SFE of the γ-Ni phase [58], promoting planar dislocation slip 

rather than cross-slip [56] and consequently slower steady-state creep rates [59].   

1.1.2 Effect of Composition on Elemental Phase Partitioning, Microstructure and Strength 

The relative concentration of elements within a Ni-based superalloy determines the 

extent to which elements partition to the γ and γ' phases, thereby defining alloy microstructure 

and properties.  Various alloying elements may be added to the Ni-Cr-Al-Ti quaternary system 

that is generally deployed for describing the γ-γ' phase equilibria of Ni-based superalloys [60, 

61].  Common elemental additions include Co, Mo, W, Nb and Ta, with small concentrations 

of C, B and Zr often incorporated into polycrystalline superalloys [3, 4, 5].  Alloying elements 

may be categorised into three classes according to preferential partitioning (Figure 1.10).  The 

first class includes elements such as Cr, Co and Mo that reportedly partition preferentially 

towards the γ phase.  The second class comprises elements that stabilise the γ' phase, namely 

Al, Ti, Nb and Ta.  The third class includes the elements that reportedly segregate to γ grain 

boundaries, such as C, B and Zr [1, 11, 12]. 

 

Figure 1.10. Preferential partitioning of alloying elements in Ni-based superalloys [41]. 

Section of periodic table showing preferential partitioning of elements removed for copyright 

reasons.  Copyright holder is the American Institute of Aeronautics and Astronautics. 
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The extent to which alloying elements partition preferentially toward γ or γ' can be 

described quantitatively by the elemental partitioning coefficient (𝑘𝑖), defined as the ratio of 

the concentration of element i in the γ' precipitate phase (𝐶𝑖
γ′

) to the concentration of the same 

element in the γ matrix phase (𝐶𝑖
γ
) according to Equation 1.4: 

  𝑘𝑖 =  
𝐶𝑖

𝛾′

𝐶𝑖
𝛾                Equation 1.4 

Elemental partitioning coefficients for selected elements in the polycrystalline disc superalloy 

RR1000 are displayed in Figure 1.11. 

 

 

 

 

 

 

 

 

 

 

Figure 1.11. Elemental partitioning coefficients (𝑘𝑖) for superalloy RR1000, calculated from Equation 

1.4 using secondary γ' (~250 nm in size) and matrix phase compositions determined by atom probe 

tomography [62].  Ti, Ta and Al (and to a lesser extent Ni) partitioned preferentially to the γ' phase (𝑘𝑖 

> 1) whilst Cr, Mo and Co partitioned preferentially to the γ phase (𝑘𝑖 < 1).  Note logarithmic scale.  

(i) Chromium (Cr) 

Cr is a crucial addition in polycrystalline Ni-based superalloys as it imparts high-

temperature oxidation resistance and hot-corrosion resistance via formation of a near-

stoichiometric, diffusion-resistant chromia (Cr2O3) scale [5, 12].  In conventional Ni-based disc 

superalloys, Cr partitions preferentially to the γ phase (𝑘𝑖 < 1) [4] and, critically, the alloy must 

contain a sufficient level of Cr to form and maintain a continuous layer of protective oxide [63, 

64, 65].  Because of the relatively high Cr content of Ni-based superalloys (~15 wt.% Cr in 

RR1000, [30]) and the considerable solubility of Cr in Ni, the contribution of Cr to solid 

solution hardening of the γ phase can be significant [7].  In addition, Cr can improve fatigue 
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crack growth resistance at elevated temperature, an effect putatively attributed to formation of 

(Cr-rich) M23C6 and M6C (M = metal) at γ grain boundaries promoting transgranular crack 

growth [30, 66].  

With respect to the γ' phase, Cr may substitute on either the Ni sub-lattice or the Al sub-

lattice [5, 11, 12, 67].  Gorbatov et al., 2016 [68] have described a non-monotonic relationship 

between Cr concentration and γ' APB energy: using ab initio calculations, γ'-Ni3Al APB energy 

increased with Cr content of up to 5 at.% but decreased with Cr content above 5 at.%. 

Unfortunately, formation of the M23C6 carbide phase can deplete the γ phase of Cr [11, 

69], potentially compromising environmental resistance and decreasing solid solution 

hardening of the γ phase.  Furthermore, the M23C6 carbide exhibits a crystal structure analogous 

to that of the embrittling topologically close-packed (TCP) σ phase (section 1.1.3), the high 

coherency between the two phases favouring σ nucleation at M23C6 particles [5, 8, 11, 69].  

Compositional design of superalloys therefore demands an optimal Cr concentration such that 

growth of a continuous Cr2O3 scale is permitted whilst precipitation of undesirable phases is 

avoided.  

(ii) Aluminium (Al) 

The element Al is incorporated into turbine disc (and blade) alloys primarily to impart 

high proof stress and creep resistance through its efficacy as a γ'-former.  For example, for the 

turbine disc superalloy RR1000, 𝑘𝐴𝑙 ≈ 8 (Figure 1.11).  Increasing Al content increases γ' solvus 

temperature (Figure 1.3), which can narrow the homogenisation heat treatment window ΔT 

[70] (Figure 1.4).  

Al can enhance oxidation resistance of turbine disc alloys by promoting formation of a 

stable Cr2O3-rich scale [71, 72].  This chromia scale can produce sufficient reduction in oxygen 

partial pressure at the scale-alloy interface to cause preferential oxidation of Al within the alloy 

[63, 71], consistent with the thermodynamics of the Ellingham diagram [73].  Formation of 

internal Al2O3 intrusions is undesirable as partitioning of Al from the γ' phase to form these 

oxides can deplete the alloy of its strengthening precipitate phase [74] (Figure 1.12).  

Furthermore, in terms of fatigue crack growth resistance, the intergranular Al2O3 intrusions, 

which often have an acicular morphology, can act as preferential crack initiation sites [75, 76].  
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Figure 1.12. Back-scattered electron image of the sub-surface of superalloy RR1000 oxidised at 800°C 

for 2000 hours [77].  Beneath the external chromia-rich scale (indicated as oxide) are internal alumina 

precipitates residing within a γ'-denuded zone.  

(iii) Titanium (Ti) 

Ti partitions strongly toward the γ' phase in Ni-based superalloys [4, 78, 79], raising γ' 

solvus temperature [80] and γ' volume fraction in the superalloy.  Figure 1.11 indicates a value 

of 𝑘𝑇𝑖 ≈ 37 for the superalloy RR1000.  Ti occupies the Al sub-lattice of γ'-Ni3Al [1, 12, 67, 

81] and reportedly increases the APB energy on the (111) planes to a greater extent than on the 

(001) planes [28].  Using computational modelling of supercell shearing, substitution of one Ti 

atom for one Al atom in the shearing plane of Ni3Al elicited values for the resultant increase in 

APB energy of 81.87 mJ.m-2 for the (111) plane compared with 44.26 mJ.m-2 for the (001) 

plane [28].  This differential APB energy promotes dislocation cross-slip in the γ' phase, which 

would be expected to increase flow stress within the anomalous temperature range (that for 

which flow stress increases with increasing temperature) [28].   

Ti expands the γ' lattice parameter [4, 82] (Figure 1.9b), promoting solid solution 

hardening of the γ' phase [51, 67] without the prohibitive weight penalty incurred by addition 

of certain refractory metal elements.  However, a high Ti:Al concentration ratio reportedly 

increases propensity for precipitation of the GCP η (Ni3Ti) phase (Figure 1.13), which 

possesses the ordered D024 crystal structure [9] and is generally considered detrimental to the 

mechanical integrity of the alloy [83].  In addition, Ti substitution on the γʹ Al sub-lattice can 

reduce γʹ solubility for Mo and Cr, thereby increasing partitioning of these elements to the γ 

matrix and thus facilitating precipitation of deleterious TCP phases in the γ phase [80].   

Back-scattered electron micrograph removed for copyright reasons.  Copyright holder is Elsevier. 
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Figure 1.13. Isothermal section of the Ni-Al-Ti ternary system for 800°C, showing single-phase fields 

(blue), two-phase fields (white) and three-phase fields (yellow) [84]. 

With respect to oxidation resistance of Ni-based disc superalloys, Ti can have a 

detrimental effect by compromising the inherently slow-growing (protective) nature of chromia 

[85].  Rutile (TiO2) formation can occur at the external surface of the Cr2O3 scale [63, 77] and 

within the superalloy [63], potentially contributing to the formation of a γ'-denuded zone in the 

alloy sub-surface [74], thus impacting alloy strength.  

(iv) Cobalt (Co) 

Increasing Co content within Ni-based superalloy systems reportedly improves creep 

resistance by inhibiting dislocation cross-slip through reducing stacking fault energy of the γ 

phase [59, 86].  Tian et al., 2014 [59] reported that systematic substitution of Co (up to 22 at.%) 

for Ni in a Ni-based superalloy reduced γ phase SFE and led to increased creep life.  This 

parallels the study by Yuan et al., 2011 [86], who described an initial decrease in γ phase SFE 

with increasing alloy Co content from 14.2 to 24.0 at.%, corresponding to an increased γ phase 

Co concentration from 19.8 to 34.0 at.% (calculated using a Thermal-cal program with a Ni-

RUMN database).  A subsequent increase in SFE was reported as γ phase Co concentration 

increased further to 34.7 at.% [86].   

Diagram showing isothermal section of Ni-Al-Ti phase diagram for 800°C removed for copyright 

reasons.  Copyright holder is ASM International. 
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Co is known to partition preferentially to the γ phase of Ni-based superalloys (𝑘𝐶𝑜 < 1, 

Figure 1.11), markedly influencing partitioning of other elements between the γ and γ' phases 

[79, 87, 88, 89].  Co addition (up to ~15-20 wt.%) has been shown to increase the γ' volume 

fraction in conventional Ni-based superalloys [81, 90, 91], an effect attributed to the role of Co 

in lowering solubility of Ti and Al within the γ phase [81, 89, 92]. 

(v) Refractory Metals: Molybdenum (Mo) and Tungsten (W) 

Both Mo and W exhibit a relatively large Vegard coefficient in the γ-Ni phase [82] 

(Figure 1.9a) and are thus considered effective γ solid solution hardeners [52, 53].  For Ni-

based superalloys at operating temperatures above 0.6Tm, γ strengthening reportedly becomes 

diffusion-dependent [11, 12].  Rehman, 2016 [53] noted that, for a strain rate of 10-5 s-1, the 

deformation mechanism at intermediate temperature (~800°C) is governed by lattice distortion 

whereas at high temperature (~1200°C) the deformation mechanism no longer depends on 

solute size and diffusion-controlled processes predominate.  Thus, the slowly diffusing 

elements Mo and W [93, 94] are anticipated to be potent solid solution hardeners of the γ phase 

at elevated temperature [11, 12, 53].  Furthermore, Mo and W addition has been shown to 

reduce the diffusivity of Ti and Cr at 900°C [11, 12], which may contribute to the reduction in 

γ' coarsening rates observed [5].  Both Mo and W are reportedly more potent than Co in 

reducing SFE of γ-Ni [58, 95].   

Dreshfield and Wallace, 1974 [78] studied the elemental partitioning in the γ-γ' region 

of the Ni-Al-Cr-Ti-W-Mo system at 850°C.  For the γ phase, increasing the W content from 0 

to 1 at. % increased Al solubility in γ whereas further increases in W content reduced γ Al 

solubility.  For the γ phase, in which Cr concentration ranged from 6.6-30.7 at.%, increasing 

Mo content increased slightly the Al solubility in γ at high Cr content but decreased Al 

solubility in this phase at lower Cr content [78].  Loomis et al., 1972 [80] reported that Mo 

addition to the Ni-Cr-Al system raised γ' volume fraction and solvus temperature, although 

these effects were less pronounced in Ti-containing alloys.  

Unfortunately, a high Mo and W content of superalloys promotes precipitation of M6C 

and M23C6 carbides such as (Ni,Co)3Mo3C and Cr21(Mo,W)2C6 [5, 11], which can act as 

nucleation sites for embrittling TCP µ and σ phases respectively [8] (section 1.1.3).   
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(vi) Refractory Metals: Niobium (Nb) and Tantalum (Ta) 

Nb and Ta are reportedly more potent than Mo and W in expanding the lattice parameter 

of the disordered A1 Ni-rich solid solution (γ) [82] (Figure 1.9a) and are therefore considered 

effective solid solution hardeners of the γ phase [96].  However, Nb and Ta are known to 

partition strongly to the γ' phase (𝑘𝑖 > 1) of Ni-based superalloys [5], and so their contribution 

to solid solution hardening of the γ phase inevitably diminishes on γ' precipitation.  Nb and Ta 

reportedly substitute onto the Al sub-lattice of the γ'-Ni3Al [11, 67] and increase the volume 

fraction and solvus temperature of the γ' phase [5].  Nb or Ta can reportedly elevate APB energy 

on the {111} planes of L12 Ni3Al1−xRx (where R=Nb or Ta) with peak APB energy of ~600 

mJ.m-2 calculated for x ≈ 0.2 [97].  This value of APB energy is approximately twice that for 

Ni3Al [97].  Furthermore, the high Vegard coefficients of Nb and Ta in the γ' phase [82] (Figure 

1.9b) permit substantial solid solution hardening therein [51, 67].  In addition, Nb and Ta are 

MC carbide-formers [7, 11, 98] and may suppress transformation to secondary M23C6/M6C 

carbides [5, 11].  

The use of Nb is preferred over that of Ta due to the lower density and lower cost of 

Nb [5].  Mignanelli et al., 2014 [99] reported that increasing Nb:Al concentration ratio in γ-γ' 

Ni-Cr-Al-Nb alloys was associated with decreased γ' volume fraction and precipitate size, 

together with a decrease in lattice misfit of the alloy, which overall appeared to result in 

increased alloy strength.  Thornton et al., 1970 [20] reported that addition of 6 at.% Nb to γ′-

Ni3Al at the expense of Al increased 0.2% flow stress of by a factor of ~2 at temperatures 

between 600 and 800°C (Figure 1.5).  However, a high Nb:(Al+Ti) concentration ratio in Ni-

based superalloys has been shown to promote transformation of γ'-Ni3(Al,Ti) to γ''-Ni3Nb [12, 

100], which has the ordered D022 crystal structure [9] capable of strengthening superalloys 

operating at temperatures of up to ~650°C [101].  Above ~650°C, γ'' can transform to δ-Ni3Nb, 

which exhibits the orthorhombic D0a crystal structure [96] and is generally considered 

deleterious to alloy strength [1].  
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1.1.3 Topologically Close-Packed (TCP) Phases 

Mo, W and Cr are known to promote precipitation of M6C and M23C6 carbides in Ni-

based superalloys, which can act as preferential nucleation sites for µ and σ TCP phases 

respectively [8] as the carbide crystal structures resemble those of these TCP phases [11].  

These undesirable compounds exhibit complex crystal structures with large unit cells 

characterised by exclusively tetrahedral interstices and thus exhibit a high and uniform atomic 

packing density [102] (Table 1.1).   

Table 1.1. TCP phases commonly observed in Ni-based superalloys.  Data from [1, 102, 103].  

Phase Examples Lattice type Atoms /unit cell Space group (No.) Lattice parameters (nm) 

σ Cr61Co39 Tetragonal 30 P42/mnm (136) 
a = b = 0.912  

c = 0.472  

µ Mo6Co7, W6Co7 Rhombohedral 13 R-3m (166) 
a = b = 0.473  

c = 2.554  

P Cr18Mo42Ni40 Orthorhombic 56 Pa (62) 

a = 1.690  

b = 0.471  

c = 0.904  

R Cr18Mo31Co51 Rhombohedral 53 R-3 (148) 
a = b =1.093 

c = 1.934 

 

Four coordination environments are permitted, specifically the four Kasper polyhedra 

with coordination numbers of 12, 14, 15, 16 [102, 104] (Figure 1.14).  TCP phases often form 

basket-weave sheets aligned with {111} planes of the γ-Ni matrix [11, 41, 105] (Figure 1.15). 

TCP phases tend to lack multiple slip systems and are therefore inherently hard, 

increasing susceptibility of the superalloy to embrittlement [8, 11, 106].  In addition, the 

depletion of refractory metals and Cr within the γ matrix accompanying TCP phase 

precipitation purportedly reduces the degree of solid solution hardening of the γ phase [8, 11, 

69].  Removal of Cr, Mo and/or W from the γ phase during TCP phase formation plausibly 

modifies lattice misfit [8], which in turn influences γ' coarsening rates. 



34 
 

Figure 1.14. The four Kasper polyhedra with coordination numbers of (a) 12, (b) 14, (c) 15, (d) 16.  In 

(a) and (b), the two spheres below and above the central sphere (along the five-fold and six-fold axes 

respectively) are not displayed.  In (d), the sphere below the central sphere is not displayed [104]. 

Figure 1.15. Secondary electron image of the experimental Ni-based blade alloy RR2073 (containing 

3 wt.% Re) annealed at 950°C for 1000 hours, showing basket-weave sheets of the TCP σ phase from 

which P phase has formed [103].  

Diagram showing Kasper polyhedra removed for copyright reasons.  Copyright holder is 

International Union of Crystallography. 

Secondary electron micrograph removed for copyright reasons.  Copyright holder is Elsevier. 
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1.1.4 Oxidation Characteristics of Conventional Nickel-based Superalloys 

As mentioned in section 1.1.2 i, Cr is critical addition in polycrystalline Ni-based 

superalloys conferring high-temperature oxidation resistance and hot-corrosion resistance via 

formation of a near-stoichiometric, diffusion-resistant Cr2O3 scale [5, 12].  Pure chromia 

growth is dominated by the outward diffusion of Cr3+ cations through the scale to react with 

oxygen at the oxide-gas interface [107]:  

2Cr3+ + 6e− +  
3

2
O2(g) →  Cr2O3(S) 

As cationic diffusion through Cr2O3 is slow, oxide growth rates are consequently slow [107] 

such that the underlying substrate is protected against further environmental degradation, 

providing that the oxide scale remains intact.  This Cr2O3 scale protects the underlying alloy 

when exposed to temperatures up to 1000°C [63, 72, 108]. 

A study on established commercial Cr2O3-forming Ni-based superalloys, namely 

Waspaloy, Astroloy and Udimet 720 [63], reported that following isothermal oxidation at 750-

1000°C, Ti can form TiO2 at the external oxide surface in addition to forming TiO2 and TiN 

within the alloy interior.  These authors also reported Al2O3 formation as discrete oxides 

beneath the Cr2O3 scale, although isothermal oxidation of Astroloy at 1000°C reportedly 

elicited a semi-continuous layer of internal Al2O3, plausibly due to its higher Al content.  At 

these temperatures, aluminium oxidises at lower partial pressures of oxygen than Cr in 

accordance with the thermodynamics of the Ellingham diagram [73], facilitating Al2O3 

formation beneath the chromia scale.  Formation of internal Al2O3 and TiO2 intrusions is 

undesirable as partitioning of Al or Ti towards such oxide species potentially depletes the alloy 

of its strengthening γ' precipitate phase resulting in a γ'-depleted zone in the near-surface region 

[74].  Furthermore, internal oxide intrusions may potentially act as crack initiation sites.  

1.2 Cobalt-based Superalloys Strengthened by an L12 Superlattice Phase 

The excellent high-temperature strength exhibited by Ni-based superalloys currently 

deployed as aero-engine turbine discs derives predominantly from the L12 precipitates (γ') 

based on Ni3Al, coherently embedded in an FCC (A1) Ni-rich solid solution matrix (γ).  This 

γ-γ' (Ni-Ni3Al) two-phase microstructure is responsible for the superior high-temperature 

strength of Ni-based superalloys over traditional carbide-hardened Co alloys and arises from 

the temperature-dependent order hardening conferred by the L12-Ni3Al intermetallic γ' phase.  
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In contrast, Co alloys have traditionally derived their strength mainly from solid solution 

strengthening and from precipitation of carbide phases within the austenitic matrix [109, 110, 

111].  Therefore, solid solution strengthened Co alloys have conventionally been deployed as 

aero-engine components operating at high temperature but relatively low stresses such as 

nozzle guide vanes [112, 113] and combustion chambers [110]. 

To improve aero-engine thermal efficiency, next-generation superalloys for turbine disc 

applications must be capable of sustaining operating temperatures approaching 800°C and of 

maintaining mechanical integrity in the resultant highly oxidising environment experienced by 

superalloy components in service.  Nickel exhibits the FCC crystal structure and is therefore 

both ductile and tough.  FCC metals, such as Ni, possess low diffusion rates, such that 

significant microstructural stability is conferred at elevated temperature.  Other metals in the 

transition metal series that exhibit FCC crystal structure include certain of the platinum group 

metals, which are dense and very expensive.  Of the hexagonally close-packed metals, only Co 

is of acceptable mass density and cost [1].  Although no stable L12 Co3Al phase reportedly 

exists in the Co-Al binary system [114], Co-based superalloys comprising an FCC solid 

solution γ-Co phase strengthened by a γ' phase of L12-Co3(Al,W) have been intensively 

investigated in recent years.  It was Lee, 1971 [2] who first reported the role of W in the 

formation of ordered L12 precipitates in the Co-Al-W system.  These reportedly cuboidal 

precipitates distribute throughout the A1 γ-Co matrix in a manner analogous to that of the 

distribution of stable L12 Ni3(Al,Ti) in the A1 γ-Ni matrix. 

Other L12 intermetallic compounds such as Co3Ta or Co3Ti had been considered as a 

strengthening precipitate phase in the Co-Ta or Co-Ti system respectively.  However, the 

ordered Co3Ta compound was reported as metastable at high temperature [115].  Although 

there was a drive in the 1970s to develop alloys based on the Co-Co3Ti equilibrium [116, 117], 

discontinuous precipitation could be observed at 800°C [116, 117], which can adversely 

influence creep resistance [118].  Furthermore, the L12-Co3Ti compound was shown to possess 

a lower solubility for ternary alloying elements than does L12-Ni3Al [119].  In addition, binary 

and ternary alloys based on the Co-Co3Ti equilibrium exhibited a relatively high γ-γ' lattice 

misfit (≥ 1%) following ageing at 700, 800 and 900°C, although Cr addition of ~10 at.% to the 

Co-9Ti alloy was found to reduce lattice misfit (to 0.31%) following ageing at 800°C [117]. 

Interest in development of γ'-strengthened Co-based superalloys therefore subsided 

until Sato et al., 2006 [120] reported that addition of W to binary Co-Al alloys produced an 
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A1-L12 equilibrium at 900°C (1173 K) based on Co-Co3(Al,W) with an appropriately low 

lattice misfit.  Although Kobayashi et al., 2009 [121] revealed the ternary γ'-Co3(Al,W) phase 

in the Co-Al-W system to be metastable at 900°C following extended ageing for 2000 hours, a 

number of elements including Ta, Ti, Nb (or high concentrations of Ni) have been shown to 

stabilise the γ'-Co3(Al,W) phase and increase γ' solvus temperature [122].  Indeed, recent 

studies have shown significant advances toward commercial development of Co-Al-W based 

alloys to alleviate the inherent drawbacks of low γ' solvus temperature, attenuated yield stress 

anomaly and high mass density relative to Ni-based superalloys.  

1.2.1 The Co-Al-W ternary system and L12 Co3(Al,W) phase stability 

The Co-rich region of the isothermal section of the Co-Al-W ternary system reported 

by Sato et al., 2006 [120] for 900°C (1173 K) is shown in Figure 1.16.  The L12-Co3(Al,W) γ' 

phase is indicated as γ'(L12) and reportedly precipitated in the disordered γ FCC Co matrix at 

900°C with high coherency and high melting point.  Figure 1.17 shows cuboidal γ'-Co3(Al,W) 

precipitates in an A1 γ matrix following annealing at 900°C for 72 hours.  At 1000°C (1273 

K), however, this L12 phase was reportedly metastable [120] and, as mentioned, Kobayashi et 

al. [121] reported this phase to be metastable at 900°C following extended ageing for 2000 

hours. 

Figure 1.16. Co-rich region of the isothermal ternary Co-Al-W phase diagram for 1173 K (900°C) 

[120].  The stable L12 Co3(Al,W) phase (γ′) is indicated, together with A1-γ, B2 and Co3W (D019) 

phases.  The γ+γ′ two-phase field is shown as shaded.  Data included from Sato et al., 2005 [123]. 

Co-rich region of Co-Al-W phase diagram for 900°C removed for copyright reasons.  Copyright 

holder is the American Association for the Advancement of Science.  
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Figure 1.17. A: Transmission electron micrograph for Co-9Al-7.5W (at.%) following annealing at 1173 

K (900°C) for 72 hours showing cuboidal γ′-Co3(Al,W) precipitates in an A1 γ matrix.  Inset (B) shows 

the corresponding selected area electron diffraction pattern, confirming the ordered L12 crystal structure 

of the γ′ phase aligned along the <001> directions [120]. 

The stable and metastable phase boundaries for the isothermal section of the Co-Al-W 

system at 900°C are shown in Figure 1.18.  A narrow γ+γ' metastable two-phase region is 

apparent, wherein alloys slowly decompose into γ-Co, ß-CoAl (B2) and χ-Co3W (D019) phases 

following ageing at 900°C for 2000 hours [121].  The crystal structures of these phases are 

shown in Figure 1.19. 

Figure 1.18. Co-rich region of the isothermal ternary Co-Al-W phase diagram for 1173 K (900°C), 

indicating that the γ′-Co3(Al,W) phase is metastable and that the thermodynamically stable phases are 

γ-Co, ß-CoAl and χ-Co3W phases [124]. 

Transmission electron micrograph removed for copyright reasons.  Copyright holder is the 

American Association for the Advancement of Science.  

 

Co-rich region of Co-Al-W phase diagram for 900°C removed for copyright reasons.  Copyright 

holder is Elsevier. 
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Figure 1.19. Crystal structures of the constituent phases in the Co-rich region of the Co-Al-W phase 

diagram for 1173 K (900°C): γ Co-based solid solution, γ′-Co3(Al,W), ß-CoAl and χ-Co3W [124]. 

1.2.2 Stabilising the L12 Co3(Al,W) phase: effect of alloying elements 

Although the γ'-Co3(Al,W) phase in the ternary Co-Al-W system was revealed as 

metastable at 900°C and 1000°C, Ti is one of several elements shown to stabilise the γ'-

Co3(Al,W) phase and increase the γ' solvus temperature.  Figure 1.20a indicates the efficacy of 

adding alloying elements (1 at.% by substitution for Co) in stabilising the γ'-Co3(Al,W) phase 

in Co-Al-W ternary alloys, as determined by the resultant change in γ' solvus temperature 

[122].  From Figure 1.20a, Ta is the most efficacious element in increasing γ' solvus 

temperature, then Ti, Nb, W and Hf in descending order.  Incorporating 1 at.% Ta apparently 

raises the γ' solvus temperature by ~45°C, whereas 1 at.% Ti raises the γ' solvus temperature 

by ~30°C.  Ni or V addition increases γ' solvus temperature to a much lesser extent per atomic 

percent of quaternary elemental addition, whereas Cr, Mn or Fe addition reduces the γ' solvus 

temperature (Figure 1.20a).  This is reflected in the elemental partitioning data on Co-Al-W 

based quaternary systems obtained by Omori et al., 2013 [124] as shown in Figure 1.20b, which 

indicate γ'-stabilising elements partitioning to the γ' phase (𝑘 > 1) whereas the γ'-destabilising 

elements, Cr, Mn and Fe, partition to the γ phase (𝑘 < 1) (Equation 1.4).  

 

 

 

 

 

Diagram showing crystal structures removed for copyright reasons.  Copyright holder is Elsevier. 
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Figure 1.20. From Suzuki et al., 2015 [122]: a) Change in γ′ solvus temperature per 1 at.% addition 

(ΔTγ′-solvus) of transition metal element to the Co-Al-W ternary system (data amalgamated from different 

sources); b) Correlation between elemental partitioning coefficient (𝑘) [124] and ΔTγ′-solvus of the 

alloying elements. 

Yan et al., 2014 [125] reported a relatively low solvus temperature for γ'-Co3(Al,W), 

specifically 854°C for a Co-7Al-7W (at.%) alloy.  Addition of 2 at.% Ta or 2 at.% Ti reportedly 

raised the γʹ solvus temperature to 983°C and 919°C respectively [125].  Povstugar et al., 2014 

[126] reported a γ' volume fraction for alloy Co-9Al-9W (at.%) of 0.38 (±0.02) and found that 

addition of 2 at.% Ta or 2 at.% Ti raised γ' volume fraction to 0.56 and 0.57 (±0.01) 

respectively for alloys aged at 900°C for 200 hours. 

Figure 1.21 shows the change in γ' solvus temperature following addition of Ni, Cr or 

Fe to Co-Al-W ternary alloys [122].  The quaternary element was substituted for Co.  Addition 

of 20 at.% Cr or Fe decreased γ' solvus by >100°C, destabilising the γ' phase.  This is an 

important consideration in turbine disc alloys, for which Cr addition has traditionally been 

considered critical for oxidation resistance.  The increase in γ' solvus temperature due to Ni 

addition, although modest per at.%, is potentially ~200°C for large amounts of Ni (~80 at.%) 

due to its high solubility, implying that beneficial high-temperature properties may be derived 

from alloys intermediate between Ni- and Co-based compositions [122]. 
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Figure 1.21. From Suzuki et al., 2015 [122].  Effect of elemental addition (Ni, Cr or Fe) on γ′ solvus 

temperature of Co-Al-W-based alloys (data amalgamated from several sources).  Data for Ni addition 

were acquired experimentally by Yan et al. [125] (solid grey line) and by Shinagawa et al. [127] (closed 

triangles) as well as by thermodynamic modelling (dotted grey line, [128]).  

With respect to Ni addition in Co-Al-W alloys, Shinagawa et al., 2008 [127] reported 

that increasing the Ni:Co ratio of Co-(10-70)Ni-Al-W (at.%) alloys raised the γ' solvus 

temperature (Figure 1.22a) and reduced lattice misfit (Figure 1.22b).  γ′ solvus temperature was 

found to increase with increasing Ni:Co ratio for both alloy compositions Co-Ni-10Al-10W 

(at.%) and Co-Ni-10Al-7.5W (at.%) whilst solidus temperature appeared little influenced.  

Increasing W content from 7.5 at.% to 10 at.% was found to shift the γ′ solvus temperature to 

higher values (Figure 1.22a).  For the Co-Ni-10Al-7.5W alloy equilibrated at 900°C (Figure 

1.22b), lattice parameter of γ and γ′ phases decreased with increasing Ni:Co ratio, accompanied 

by a decrease in lattice misfit (mismatch) from 0.4184% to 0.1958% for a Ni concentration 

range of 10-70 at.% [127]. 

 

 

 

 

 

 

Graph showing effect of elemental addition on solvus temperature of Co-Al-W based alloys 

removed for copyright reasons.  Copyright holder is Annual Reviews. 
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Figure 1.22. From Shinagawa et al., 2008 [127]: a) γ′ solvus and solidus temperatures for alloys Co-

Ni-10Al-10W (at.%) and Co-Ni-10Al-7.5W (at.%) homogenised at 1300°C for 24 hours; b) Lattice 

parameters and lattice misfit (mismatch) for the Co-Ni-10Al-7.5W alloy equilibrated at 900°C. 

1.2.3 Effect of temperature on 0.2% flow stress of alloys based on the Co-Al-W system 

Figure 1.23 shows the temperature dependence of flow stress for the ternary Co-9Al-

9W (at.%) alloy together with a Ta-containing variant, compared with conventional solid 

solution strengthened Co-based alloys Haynes188 and MarM302.  The γ-γ' Co-based alloys 

exhibited the so-called anomalous increase in flow stress with increasing temperature.  For the 

γ-γ' Co-9Al-9W (at.%) alloy, the onset of the 0.2% flow stress anomaly occurred at ~650°C 

(923 K), with peak flow stress observed at ~700°C (973 K, Figure 1.23) [129, 130].  Addition 

of 2 at.% Ta to Co-9Al-10W produced a 0.2% flow stress comparable to that of the 

polycrystalline Ni-based superalloy MarM247 at 900°C (1173 K) [129, 130] (Figure 1.23).  At 

lower temperatures, the flow stress of the two-phase γ-γ′ Co-based alloys (labelled 2Ta and 

9Al-9W) was appreciably less than that observed for the Ni-based MarM247. 
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Figure 1.23. From Suzuki et al., 2007 [129].  0.2% flow stress versus temperature for alloys Co-9Al-

9W at.% (denoted 9Al-9W) and Co-9Al-10W-2Ta at.% (denoted 2Ta).  Values are also shown for 

conventional solid solution strengthened Co-based alloys MarM302 (open symbols) and Haynes188 

(solid triangles) and for polycrystalline Ni-based superalloy MarM247 (solid diamonds) [131].  

Compression strain rate 10-4 s-1.  

1.2.4 0.2% flow stress of the L12-γ' compound: comparing Co3(Al,W), Ni3(Al,W) and Co3Ti 

Figure 1.24 compares the 0.2% flow stress-temperature curves for L12 compounds, 

Co3(Al,W), Ni3(Al,W) and Co3Ti [122].  The 0.2% flow stress for polycrystalline L12-

Co3(Al,W) derived from Co-12Al-11W (at.%) falls rapidly initially as temperature increases 

from ~ -200°C up to room temperature [132] (Figure 1.24a).  Values of 0.2% flow stress for 

Co3(Al,W) then tend to plateau for temperatures up to ~680°C, before displaying the 

anomalous increase in yield strength with increasing temperature between the relatively narrow 

temperature range ~680-830°C [132].  A precipitous drop in 0.2% flow stress is then observed 

for higher temperatures (above ~830°C) [132] (Figure 1.24a).  Other L12 compounds exhibit 

much lower onset temperatures for the yield stress anomaly, for example ~ -200°C for 

Ni3(Al,W).  The Co3Ti compound also exhibits a significantly lower onset temperature for the 

yield stress anomaly i.e. ~400°C [133], compared with ~680°C for Co3(Al,W).  Furthermore, 

the temperature range for the yield stress anomaly for Co3Ti is appreciably wider than for 

Co3(Al,W) [133]. 

 

 

 

 

Graph showing comparison of 0.2% flow stress - temperature plots for Co- and Ni- based alloys 
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Figure 1.24. From Suzuki et al., 2015 [122]: a) yield stress-temperature curves for L12 compounds 

Co3(Al,W) [132], Co3Ti [133] and Ni3(Al,W) [134]; b) yield stress-temperature plot for each L12 

compound [data from (a)] normalised to values at room temperature. 

As indicated by the normalised yield stress-temperature data (Figure 1.24b), the 

intermediate- and high-temperature strength of the γ' Co3(Al,W) phase appears appreciably 

lower than that for the other L12 compounds Co3Ti [133] and Ni3(Al,W) [134].  The 

intermediate- and high-temperature strength of the γ' Co3(Al,W) is reportedly lower than that 

for Ni3Al [122]. 

1.2.5 Expanding the temperature range of the 0.2% flow stress for L12-Co3(Al,W) 

As with many L12 compounds, the yield stress anomaly for Co3(Al,W) has been 

attributed to thermal activation of cross slip of APB-coupled superpartial dislocations from 

(111) to (010) planes [132] (section 1.1.1 i).  The APB and complex stacking fault (CSF) 

energies on (111) were reported as 146 and 137 mJ.m-2 respectively for a Co-12Al-11W alloy 

[132].  This low CSF energy is believed responsible for the high onset temperature (~680°C) 

of the yield stress anomaly for Co3(Al,W) [132] and therefore for the inferior intermediate- and 

high-temperature strength compared to other L12 compounds, such as Ni3(Al,W) [134] and 

Co3Ti [133]. 

The sharp decline in yield stress for Co3(Al,W) above ~830°C has been attributed to 

(111) slip in the γ phase, the experimental temperature being above the order-disorder  

transition temperature [122].  Increasing the stability of the L12-γ' phase to increase the γ' solvus 

temperature extends the temperature range of the yield stress anomaly up to higher 

a) Graph showing yield stress - temperature 
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temperatures to the point where slip on (001) is initiated, thus improving the high-temperature 

strength of this γ' phase [122]. 

In addition to increasing the γ' solvus temperature to improve high-temperature strength 

of the γ' Co3(Al,W) phase, a lower onset temperature for the yield stress anomaly is essential 

to improve both intermediate- and high-temperature strength within the yield stress anomaly.  

The high onset temperature of the yield stress anomaly for Co3(Al,W) is believed to derive 

from the low CSF energy that impedes cross slip of APB-coupled dislocations from (111) to 

(010) planes [132].  Therefore, selecting alloying elements that can simultaneously increase 

the CSF energy of Co3(Al,W) as well as increasing γ' solvus temperature is important.  Both 

parameters are improved by stabilising the L12 Co3(Al,W) phase, for example, by addition of 

Ta, Ti or Nb, or by incorporating significant amounts of Ni, as discussed in section 1.2.2.  With 

addition of Ni, the onset temperature for the yield stress anomaly of the single-phase L12 

compound (Co0.8Ni0.2)3(Al,W) reportedly decreased from ~680°C to ~430°C [122]. 

1.2.6 Towards higher γ' solvus temperatures and lower mass density in Co-Al-W based alloys 

Considerable progress has been made in increasing γ' solvus temperature of γ-γ' Co-Al-

W based alloys by specific elemental addition, such as the incorporation of Ni, Ta or Ti, as 

described in section 1.2.2.  Xue et al., 2013 [135] showed that alloy Co-7Al-8W-4Ti-1Ta (at.%) 

exhibited a γ' solvus temperature of 1131°C.  A γ' solvus temperature of 1185°C was reported 

for alloy Co-20Ni-7Al-7W-4Ti-2Ta (at.%) [136], indicating the significant effect that Ni can 

have with respect to increasing γ′ solvus temperature.  Lass, 2017 [137] designed an alloy, Co-

30Ni-9Al-3Ti-7W-2Ta-0.1B (by mole percent), using computational thermodynamics, for 

which a γ' solvus temperature of 1218°C was experimentally derived.  Increasing W 

concentration has been shown to raise γ' solvus temperature in the Co-9Al-W (at.%) ternary 

system, equating to ~25°C for 1 at.% W addition (in the range 7.4-10.3 at.%), whilst improving 

creep strength at 850°C and 900°C by increasing γ' volume fraction [138].  Unfortunately, 

however, W addition increases the mass density of the bulk alloy, restricting applications where 

strength-to-weight ratio is critical. 

Mass density remains a significant challenge for Co alloys based on the Co-Al-W 

compositions described by Sato et al. [120] as these generally comprise a high W content of 

~7-10 at.% (20-27 wt.%), which, due to the high mass density of W (19.3 g.cm-3), results in 

alloy mass densities exceeding 9.0 g.cm-3 [125].  Many Co superalloys developed to date have 
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targeted single-crystal blade applications of composition in the region Co-10Al-9(W+Ta) 

(at.%), possessing alloy mass densities > 9.0 g.cm-3 due to their high refractory metal content 

[139].  In comparison, Ni-based disc alloys generally exhibit a mass density < 8.5 g.cm-3 [139], 

for example ~8.2 g.cm-3 for Waspaloy, which is W-free.  Therefore, for Co-based superalloys 

to realise their full potential, reducing alloy mass density toward that of conventional Ni-based 

superalloys is a priority. 

1.2.7 W-free γ'-strengthened Co-based superalloys 

Makineni et al., 2015 [140, 141] reported a reduced mass density in γ'-strengthened Co-

based alloys on substitution of Mo and Nb [140], or Mo and Ta [141], for W.  Mo possesses a 

density of 10.2 g.cm-3 compared with 19.3 g.cm-3 for W.  Nb and Ta (density values 8.6 and 

16.4 g.cm-3 respectively) in small concentrations stabilise the γ-γ′ microstructure in Co-Al-Mo-

Nb/Ta alloys [142].  Unfortunately, these W-free alloys displayed considerably lower γ' solvus 

temperatures than those of Co-Al-W based alloys i.e. 866°C for Co-10Al-5Mo-2Nb at.% 

(density 8.36 g.cm-3) and 928°C for Co-10Al-5Mo-2Ta at.% (density 8.61 g.cm-3).  However, 

the density values of these alloys compare well with values for Ni-based disc alloys (ideally < 

8.5 g.cm-3, [139]) and improve on the reported mass density for the ternary Co-9Al-9.8W alloy 

(9.82 g.cm-3) [140, 141].   

(i) Effect of Ni addition in the Co-Al-Mo-Nb system 

Alloying with 10-30 at.% Ni improved γ' phase stability and raised the γ' solvus 

temperature of the Co-10Al-5Mo-2Nb (at.%) alloy [140].  For this alloy system, Ni addition 

increased γ' solvus temperature from 866°C in the absence of Ni, to 990°C for the alloy 

containing 30 at.% Ni (Figure 1.25a).  Mass density of the base alloy Co-10Al-5Mo-2Nb (8.36 

g.cm-3) was not unduly influenced by addition of 10, 20 or 30 at.% Ni (Figure 1.25b).  Alloy 

Co-30Ni-10Al-5Mo-2Nb exhibited a high specific 0.2% proof stress (0.2% proof stress per 

unit mass density) at room temperature (94.3 MPa/g.cm-3) and at 870°C (63.9 MPa/g.cm-3). 
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Figure 1.25. From Makineni et al., 2015 [140].  Effect of adding 10, 20 and 30 at.% Ni to the quaternary 

W-free Co-10Al-5Mo-2Nb (at.%) base alloy: a) γ′ solvus temperature.  Inset shows differential 

scanning calorimetry (DSC) heating curves.  b) mass density values compared with Co-9Al-9.8W and 

with conventional solid solution strengthened Co alloys MAR-M-302, Haynes 188 and L-605.  

(ii) Effect of Ni addition in the Co-Al-Mo-Ta (±Ti) system 

Makineni et al., 2015 [141] investigated alloys of basic composition Co-10Al-5Mo 

(at.%) with 2 at.% added Ta (denoted 2Ta) for stabilisation of the γ′ phase.  Incorporation of 

30 at.% Ni (Co-30Ni-10Al-5Mo-2Ta at.%, denoted 30Ni-2Ta in Figure 1.26) increased γ' 

solvus temperature by 86°C (from 928°C to 1014°C), Figure 1.26a.  Additional incorporation 

of 2 at.% Ti (denoted 30Ni-2Ta-2Ti) pushed the γ' solvus temperature higher (to 1066°C).  

These W-free alloys (2Ta, 30Ni-2Ta and 30Ni-2Ta-2Ti) exhibited appreciably lower mass 

density than that reported for W-containing Co-based alloys (Figure 1.26b). 
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Figure 1.26. From Makineni et al., 2015 [141].  Effect of adding 30 at.% Ni (±2 at.% Ti) to alloy Co-

10Al-5Mo-2Ta (denoted 2Ta): a) γ′ solvus temperature compared with Co-9Al-9.8W, Co-35Ni-9Al-

10W and Waspaloy; b) mass density compared with Co-9Al-9.8W ±2Ta and with W-containing solid 

solution strengthened Co alloys MAR-M-302, Haynes 188 and L-605.  

Alloy 30Ni-2Ta-2Ti (aged at 900°C for 50 hours) exhibited a particularly high specific 

0.2% proof stress at 870°C (73.9 MPa/g.cm-3) compared with alloy 30Ni-2Ta and with values 

for Co-Al-W based alloys and the Ni-based superalloys Waspaloy and MAR-M-247 (Figure 

1.27).  This value of specific 0.2% proof stress (73.9 MPa/g.cm-3) was notably higher than that 

of the Co-30Ni-10Al-5Mo-2Nb alloy (63.9 MPa/g.cm-3) at 870°C [140].  Alloy 30Ni-2Ta-2Ti 

also exhibited a higher γ′ solvus temperature i.e. 1066°C compared with 990°C for the Nb-

containing alloy.  Both alloys possessed a relatively low mass density (8.55 and 8.38 g.cm-3 

respectively).  As Nb possesses a density (8.6 g.cm-3) of around half that of Ta (density 16.4 

g.cm-3), Nb confers a lower density to the base alloy. 
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Figure 1.27. Specific 0.2% proof stress (0.2% proof stress per unit mass density) for 30Ni-2Ta and 

30Ni-2Ta-2Ti (aged at 900°C for 50 hours).  Values are compared with specific 0.2% proof stress of 

Co-9.4Al-11W, Co-8.8Al-9.8W-2Ta and the Ni-based superalloys, Waspaloy and MAR-M-247.  All 

values were obtained for a test temperature of 870°C [141]. 

1.2.8 L12 γ′-strengthened Co-based superalloys with low W content 

Lass et al., 2018 [143] developed a range of Co-Ni-Al-Ti based alloys combining the 

benefits of increased γ' solvus temperature conferred by Ni, Ti and Ta addition in the Co-Al-

W system and the decreased mass density achieved by replacing W with Mo and Nb.  For the 

alloys investigated, alloy Co-30Ni-7Al-4Ti-3Mo-2W-1Nb-1Ta (by mole percent) (designated 

L19) exhibited a favourable combination of high γ' volume fraction (~0.65) and good γ-γ' 

microstructural stability at 900°C, together with a high γ' solvus temperature (1126 ±2°C) and 

a mass density of ~8.89 g.cm-3.  Atom probe tomography on alloy L19 (aged at 900°C, 4 hours) 

indicated preferential partitioning of Ni, Al, Ti, W, Nb and Ta to the γ' phase with preferential 

partitioning of Co to the γ phase and Mo segregating to the γ-γ' interface.  Reducing the Ni 

mole fraction from 0.30 (alloy L19) to 0.10 (alloy L18) reduced Ti and Al partitioning to the 

γ' phase and increased partitioning of Ta, Nb, W, Mo and Co to the γ' phase, with a consequent 

reduction in γ' solvus temperature (from 1126 ±2°C to 1076 ±4°C) [143].  

From section 1.2.2, Shinagawa et al., 2008 [127] reported that increasing the Ni:Co 

ratio in Co-(10-70)Ni-Al-W (at.%) alloys raised the γ' solvus temperature (Figure 1.22a) and 

reduced lattice misfit (Figure 1.22b).  In addition to stabilising the γ' phase, increasing Ni 

content was observed to expand the γ+γ' two-phase field to the low W region of the Co-(10-

Diagram showing comparison of specific 0.2% proof stress of Co- and Ni-based alloys removed 
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70)Ni-Al-W (at.%) system at 900°C [127], reducing the amount of W necessary to stabilise the 

γ-γ' microstructure (Figure 1.28). 

Figure 1.28. From Shinagawa et al., 2008 [127].  Section of isothermal phase diagram at 900°C for Co-

10Ni-Al-W, Co-30Ni-Al-W, Co-50Ni-Al-W and Co-70Ni-Al-W.  Pale grey lines delineate the phase 

boundaries in the Co-Al-W ternary system as reported by Sato et al. [120] for 900°C.  Shaded areas 

represent the γ-γ' two-phase regions in the Co-Ni-Al-W quaternary system. 

(i) Effect of systematic reduction of W in alloys based on the Co-Al-W system 

Systematic reduction of W in the ternary Co-9Al-W (at.%) system reportedly reduces 

γ′ solvus temperature and γ′ volume fraction (Figure 1.29).  Pyczak et al., 2015 [138] showed 

that reducing W from 10.3 to 7.4 at.% in the ternary Co-9Al-W system lowered γ' solvus 

temperature from 1036 to 960°C and reduced γ' volume fraction (from 0.73 to 0.34) (Figure 

1.29).  Ooshima et al., 2010 [144] reported that reducing W content from 8 to 6 at.% in a similar 

ternary Co-9Al-W system lowered γ' solvus temperature from 985 to 948°C and reduced γ' 

volume fraction (from 0.64 to 0.36).  The values published by Pyczak et al. [138] and Ooshima 

et al. [144] are consistent with data shown in Figure 1.21 and Figure 1.22a, which indicate a γ′ 

solvus temperature of ~980°C for Co-9Al-9W and ~970°C for Co-10Al-7.5W.  

Diagram showing the influence of Ni on the Co-Ni-Al-W isothermal phase diagram at 900°C 

removed for copyright reasons.  Copyright holder is The Japan Institute of Metals. 
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Figure 1.29. Effect of increasing W content on a) γ′ solvus temperature and b) γ′ volume fraction for 

alloys of the Co-9Al-W (at.%) system (Ooshima et al., 2010 [144], Pyczak et al., 2015 [138]) and for 

alloys of the Co-10Ni-6Al-W-6Ti (at.%) system (Bocchini et al., 2017) [145].  For each alloy system, 

W was added at the expense of Co.  Values of γ′ solvus from [145] are estimated. 

a) 

b) 
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Bocchini et al., 2017 [145] reported a steeper overall reduction in γ′ solvus temperature 

(from ~1100°C to ~940°C) on reducing the W content from 6.7 to 2.0 at.% in alloy Co-10Ni-

6Al-W-6Ti (as well as a reduction in γ' volume fraction from 0.73 to 0.19) (Figure 1.29).  This 

decrease in γ′ solvus temperature equates to ~40°C per 1 at.% W, which compares with the 

~25°C and 18.5°C reduction (per 1 at.% W) reported for the Co-Al-W system by Pyczak et al. 

[138] and Ooshima et al. [144] respectively for the higher W concentration range of 7.4-10.3 

at.% and 6-8 at.% respectively (Figure 1.29).  

For the Co-10Ni-6Al-(2-6.7)W-6Ti (at.%) alloy series, a 1 at.% reduction in bulk W 

content reportedly lowered solidus and liquidus temperatures by only ~3°C and ~5°C 

respectively [145], with solidus temperatures remaining close to 1300°C i.e. comparable with 

Waspaloy (~1330°C) but ~150°C lower than for the ternary Co-9.2Al-9.0W alloy (~1450°C) 

reported by Sato et al. [120].  Of the Co-10Ni-6Al-(2-6.7)W-6Ti (at.%) alloy series, mass 

densities were reportedly 8.5 g.cm-3 and 8.9 g.cm-3 for alloys containing 2 and 4 at.% W 

respectively [145].  These values compare with a desired mass density for Ni-based disc alloys 

of < 8.5 g.cm-3 [139]. 

For comparison with W-free alloys (section 1.2.7), the Co-10Al-5Mo-2Nb (at.%) alloys 

with Ni content 0-30 at.% (Figure 1.25) exhibited γ' solvus temperatures of 866-990°C and 

densities ~8.37 g.cm-3 [140].  For the same base alloy (Co-10Al-5Mo), addition of 30Ni-2Ta-

2Ti (Figure 1.26) resulted in a γ′ solvus temperature of 1066°C and density 8.55 g.cm-3 [141].  

These values compare with a γ′ solvus temperature for Waspaloy of 1030°C (Figure 1.26) and 

mass density of ~8.2 g.cm-3. 

(ii) Effect of systematic Ti substitution for Al and W in Co-Ni-Al-W-Ti alloys 

In a further study, Bocchini et al., 2017 [146] substituted Ti (2, 4, 6 and 8 at.%) for W 

and Al in the Co-10Ni-(9-x)Al-(9-x)W-2xTi (at.%) alloy and observed an almost linear 

increase in γ' solvus temperature with increasing Ti addition, from ~985°C for the Ti-free alloy 

(Co-10Ni-9Al-9W, at.%) to ~1130°C for the Co-10Ni-5Al-5W-8Ti (at.%) alloy (denoted 8Ti) 

(Figure 1.30a).  In contrast, solidus and liquidus temperatures decreased almost linearly with 

increasing Ti substitution: respectively from 1459°C and 1489°C (0Ti) to 1277°C and 1383°C 

(8Ti alloy) (Figure 1.30a) [146], conducive with the corresponding decrease in W, which 

possesses an inherently high melting point. 
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Figure 1.30. From Bocchini et al., 2017 [146]: a) γ′ solvus, solidus and liquidus temperatures derived 

from differential thermal analysis (DTA) heating curves for Co-10Ni-(9-x)Al-(9-x)W-2xTi (at.%) 

alloys (heating rate 5°C min-1); b) 0.2% flow stress for the same series of alloys (aged at 900°C, 168 

hours) for a temperature range between ambient and 900°C at a strain rate of 10-4 s-1.  Different samples 

of the same alloy are shown by open or closed symbols of the same colour.   

From Figure 1.30b, increasing Ti concentration from 0 to 8 at.%  produced a systematic 

increase in 0.2% flow stress for temperatures between ambient and 900°C, with peak flow 

stress ~810 MPa for the 8Ti alloy.  This compares with a value of ~575 MPa for the Ti-free 

alloy (Figure 1.30b) and just under 500 MPa for the ternary Co-9Al-9W (at.%) alloy (Figure 

1.23).  For the Ti-containing alloys, the flow stress anomaly reportedly had an onset 

temperature ~600°C (Figure 1.30b), compared with ~700°C for the Ti-free alloy and ~650°C 

for the Co-9Al-9W (at.%) alloy (Figure 1.23).  Of note in regard to the proposed operating 

temperatures for turbine discs of ~800°C is the fact that the higher Ti alloys (containing 4, 6 

and 8 at.% Ti) reportedly exhibited peak 0.2% flow stress at ~750°C compared with ~800°C 

for the 0Ti and 2Ti alloys (Figure 1.30b).  Alloys Co-10Ni-6Al-6W-6Ti and Co-10Ni-5Al-5W-

8Ti (at.%) exhibited a mass density of 9.17 g.cm-3 and 8.84 g.cm-3 respectively [146], which 

compare with the desired density for Ni-based disc superalloys of < 8.5 g.cm-3 [139].  

1.2.9 Effect of Cr addition in W-free γ-γ′ Co based alloys  

Nithin et al., 2017 [142], building on the work of Makineni et al., 2015 [141], studied 

the effect of 10 at.% Cr addition to alloy Co-30Ni-10Al-5Mo-2Ta ±2Ti (Table 1.2).  Addition 

of 10 at.% Cr increased γ' solvus temperature from 1014°C in the absence of Ti and 1066°C in 

the presence of Ti to 1038°C and 1078°C respectively.  Incorporation of 10 at.% Cr reduced 

mass density from 8.55 g.cm-3 for the Co-30Ni-10Al-5Mo-2Ta-2Ti (at.%) alloy to 8.41 g.cm-3 

a) Graph showing effect of Ti content on 

phase transition temperatures of Co-Ni-Al-W-

Ti alloys removed for copyright reasons.  

Copyright holder is Elsevier.  

b) Graph showing effect of Ti content on 

0.2% flow stress – temperature plots for Co-

Ni-Al-W-Ti alloys removed for copyright 

reasons.  Copyright holder is Elsevier. 
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for the Cr-containing alloy, such that alloy density approached that of Waspaloy (~8.2 g.cm-3).  

10 at.% Cr addition increased specific 0.2% proof stress at 870°C from 73.9 MPa/g.cm-3 for 

the Co-30Ni-10Al-5Mo-2Ta-2Ti (at.%) alloy to 85.6 MPa/g.cm-3 in the presence of Cr (Table 

1.2), indicating that Cr is highly beneficial to alloy strength in this W-free alloy system.  

Table 1.2. Comparison of fundamental properties of the W-free Co-10Al-5Mo-2Nb (at.%) and Co-

10Al-5Mo-2Ta (at.%) systems with various alloying additions (in at.%).  Data from Makineni et al., 

2015 [140, 141] and Nithin et al., 2017 [142].  

Base alloy 

composition (at.%) 
Property Base alloy +30Ni +30Ni+2Ti +30Ni+2Ti+10Cr 

Co-10Al-5Mo-2Nb 

[140] 

γ' solvus temperature (°C) 866 990 - - 

Mass density (g.cm-3) 8.36 8.38 - - 

Specific 0.2% proof stress 

at 870°C (MPa/g.cm-3) 
46.7 63.9  - - 

Co-10Al-5Mo-2Ta 

[141] and [142] 

γ' solvus temperature (°C) 928 1014 1066 1078 

Mass density (g.cm-3) 8.61 8.65 8.55 8.41 

Specific 0.2% proof stress 

at 870°C (MPa/g.cm-3) 
- 64.7 73.9 85.6 

 

From the study by Nithin et al. [142], addition of 10 at.% Cr reportedly elicited 

spherical L12-γ' precipitates rather than the cuboidal L12-γ' precipitates observed for the Cr-

free alloy.  Cr partitioned preferentially to the γ matrix but also influenced Mo and Ta 

partitioning, such that 𝑘𝑀𝑜 decreased from ~1.2 in the base composition (±Ti) to <1, whilst 𝑘𝑇𝑎 

increased appreciably from ~5.4 in the base composition (±Ti) to ~10 in the presence of Ti and 

~14 in the absence of Ti [142].   

Pandey et al., 2019 [147] investigated the systematic addition of Cr (2, 5 and 8 at.%) to 

the same low-density, W-free alloy composition, Co-30Ni-10Al-5Mo-2Ta-2Ti (at.%), 

described above by Nithin et al. [142].  The 5Cr alloy achieved the highest γ' solvus 

temperature for this alloy series (1105°C).  This compares with 1066°C for the Cr-free alloy 

and 1078°C for the 10Cr alloy investigated by Nithin et al. [142] (Table 1.2).  In terms of mass 

density, the 8Cr alloy displayed the lowest density of the series (8.44 g.cm-3) [147]. 

Pandey et al., 2019 [147] deduced a trend for Cr substitution on the L12-γ' lattice in 

alloy Co-30Ni-10Al-5Mo-2Ta-2Ti (at.%) with increasing alloy Cr content by estimating the 

Gibbs free energy values of the L12 γ' compounds.  According to these authors, with low Cr 

content (2 at.%), Cr prefers to substitute only for Mo atoms on B sites in the L12 lattice.  In the 
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5 at.% Cr alloy, Cr atoms additionally replace excess anti-site Co atoms from the B sites and 

in the 8 at.% Cr alloy, Cr atoms additionally replace Co atoms from A sites of the L12 unit cell.  

This change in site preference with increasing Cr content from 0 to 8 at.% was associated with 

decreasing lattice misfit from +0.48% to +0.19% and a change in γ' morphology from cuboidal 

(0Cr) to rounded corners (2Cr and 5Cr alloys) to more spherical (8Cr) [147].  

1.3 Summary 

Recent studies on γ'-strengthened Co-Al-Mo-Nb/Ta alloy systems have been successful 

in mitigating the intrinsic problem of low γ' solvus temperature by incorporation of elements 

Ni, Ti and Cr (Table 1.2).  Simultaneously, advances have been made in increasing γ' solvus 

temperature of Co-Al-W based alloys by specific elemental addition, such as the incorporation 

of Ni, Ti or Ta, as described in section 1.2.2.  Of major significance, the 2008 study by 

Shinagawa et al. [127] showed that increasing Ni:Co ratio in Co-(10-70)Ni-Al-W (at.%) alloys 

raised γ' solvus temperature and reduced lattice misfit (section 1.2.2).  Furthermore, in 

stabilising the γ' phase, increasing Ni content extended the γ+γ' two-phase field to the low W 

region of the Co-(10-70)Ni-Al-W (at.%) phase diagram at 900°C, reducing the W content 

necessary to stabilise the γ-γ' microstructure [127] (section 1.2.8), thereby providing the 

potential for reduced mass density.  Incorporation of 2 at.% Ti  or 2 at.% Ta in Co-Al-W alloys 

also proved efficacious in increasing γ′ solvus temperature [125] and γ′ volume fraction [126] 

(section 1.2.2). 

From section 1.2.5, the high onset temperature for the yield stress anomaly of 

Co3(Al,W) purportedly derives from a low complex stacking fault (CSF) energy that impedes 

cross slip of APB-coupled dislocations from (111) to (010) planes [132].  As such, it is essential 

to select alloying elements that can raise γ' solvus temperature and increase the CSF energy of 

the Co3(Al,W) phase.  Both can be achieved by stabilising the L12 Co3(Al,W) phase by addition 

of Ta, Ti or Nb, or by incorporating significant amounts of Ni, as discussed in section 1.2.2.  

Indeed, addition of Ni to achieve the L12 phase (Co0.8Ni0.2)3(Al,W) reportedly reduced the onset 

temperature for the 0.2% yield stress anomaly from ~680°C to ~430°C [122].  From section 

1.2.2, the increase in γ' solvus temperature from Ni addition to the ternary Co-Al-W alloy, 

although modest per at.%, is reportedly ~200°C for large amounts of Ni (~80 at.%) due to its 

high solubility, suggesting that advantageous high-temperature properties may derive from 

alloys intermediate between Ni- and Co-based compositions.  In contrast, substitution of 20 

at.% Cr for Co in the Co-Al-W base alloy destabilised the γ' phase and decreased γ' solvus by 
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>100°C [122], a potential disadvantage in turbine disc applications, for which Cr incorporation 

has traditionally been considered critical for oxidation resistance. 

A number of studies have reported relatively high γ' solvus temperatures on 

incorporation of elements such as Ni, Ti or Ta in the Co-Al-W system (section 1.2.2): 1131°C 

for alloy Co-7Al-8W-4Ti-1Ta (at.%) [135], 1185°C for alloy Co-20Ni-7Al-7W-4Ti-2Ta (at.%) 

[136] and 1218°C for alloy Co-30Ni-9Al-3Ti-7W-2Ta-0.1B (mole percent) [137].  However, 

a W content of ~7-10 at.%, as in the Co-Al-W compositions described by Sato et al. [120], 

generally confers a mass density in excess of 9.0 g.cm-3 [125], compared with the desired 

density for Ni-based disc alloys of < 8.5 g.cm-3 [139].   

In comparison, the highest γ' solvus temperature for the W-free alloys investigated by 

Makineni et al. [140, 141] and Nithin et al. [142] (Table 1.2) was achieved by addition of 10 

at.% Cr to the base composition Co-30Ni-10Al-5Mo-2Ta-2Ti (at.%).  This raised γ' solvus 

temperature from 1066°C to 1078°C, whilst also increasing specific 0.2% proof stress at 870°C 

from 73.9 MPa/g.cm-3 to 85.6 MPa/g.cm-3 (Table 1.2), indicating that Cr is highly beneficial to 

alloy strength in this W-free alloy system.  Furthermore, addition of 10 at.% Cr reduced density 

from 8.55 g.cm-3 for the Cr-free alloy Co-30Ni-10Al-5Mo-2Ta-2Ti (at.%) to 8.41 g.cm-3 (Table 

1.2), to approach that of Waspaloy (~8.2 g.cm-3). 

Reducing W concentration in Co-Al-W based alloys has been shown to reduce γ' solvus 

temperature and γ' volume fraction (Figure 1.29).  However, a study by Bocchini et al. [146] 

showed that systematic substitution of Ti (2-8 at.%) in the base alloy Co-10Ni-9Al-9W (at.%), 

at the expense of an equiatomic ratio of W and Al, produced an almost linear increase in γ' 

solvus temperature: from ~985°C for the Ti-free alloy to ~1130°C for alloy Co-10Ni-5Al-5W-

8Ti (at.%), denoted 8Ti (section 1.2.8 ii).  Ti addition (2-8 at.%) produced a systematic increase 

in 0.2% flow stress for the temperature range ambient to 900°C, with an onset temperature for 

the flow stress anomaly of ~600°C.  This compares with an onset temperature of ~700°C for 

the Ti-free alloy and of ~650°C for the Co-9Al-9W (at.%) alloy (section 1.2.3).  For the 8Ti 

alloy, the peak value for 0.2% flow stress (~810 MPa) appeared significantly higher than that 

of the Ti-free Co-10Ni-9Al-9W (at.%) alloy (~575 MPa) and of the ternary Co-9Al-9W (at.%) 

alloy (just under 500 MPa) (section 1.2.3).  Therefore, Ti appears a useful addition in Co-Al-

W based alloys in permitting reduction of W content whilst raising γ' solvus temperature, 

increasing 0.2% flow stress and lowering the onset temperature for the 0.2% flow stress 

anomaly.  The concurrent reduction in mass density to a value of 8.84 g.cm-3 for the Co-10Ni-
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5Al-5W-8Ti (at.%) alloy provides the potential for mass density of higher-order alloys to 

approach the target density for a Ni-based disc superalloy of < 8.5 g.cm-3 [139]. 

Lass et al., 2018 [143] fabricated a range of Co-Ni-Al-Ti based alloys that combined 

the advantages of increased γ' solvus temperature conferred by Ni, Ti and Ta addition in the 

Co-Al-W system and the reduced mass density achieved by replacing W with Mo and Nb.  Of 

these alloys, the low W alloy, Co-30Ni-7Al-4Ti-3Mo-2W-1Nb-1Ta (by mole percent) (L19) 

exhibited a desired combination of high γ' volume fraction (~0.65) and good γ-γ' phase stability 

at 900°C, as well as high γ' solvus temperature (1126°C) and a mass density of ~8.89 g.cm-3.  

Evidence suggests that such a combination of alloying elements is likely to provide a basis for 

future Co-based alloy design for high-temperature aero-engine applications (section 1.2).  

Commercial Ni-based superalloys are solid solution strengthened (section 1.1.1 v) by refractory 

metal elements such as Mo, W, Nb and/or Ta (section 1.1.2 v and vi).  W is also anticipated to 

provide solid solution strengthening of γ'-strengthened Co-based superalloys.  Studies have 

shown that systematic increase of W content in model superalloys based on the Co-Al-W 

system increases γ' solvus temperature as well as γ' volume fraction following ageing at 850 

and 900°C (Figure 1.29).  Thus, addition of W to the Ni-Co-Al-Ti-Cr quinary alloy system is 

of interest as W is known to contribute to the formation of γ'-Co3(Al,W) in Co-Al-W based 

superalloys, where studies have focussed mainly on the L12-γ' phase stability at 900°C (section 

1.2).  

A detailed systematic study on the fundamental quinary system, Ni-Co-Al-Ti-Cr, is 

therefore essential to determine the effect of variation in Co:Ni ratio on alloy microstructure 

and critical properties and to provide a baseline against which to compare the influence of 

higher-order alloying with elements, such as W, that potentially confer superior properties at 

the proposed new operating temperatures for turbine discs of ~800°C. 
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2. Effect of Co:Ni Ratio on Elemental Partitioning in γ-γ' Ni-Co-5Al-5Ti-15Cr 

(at.%) alloys 

Atom probe tomography has been used to characterise the effect of varying Ni:Co ratio on 

elemental phase partitioning at 800°C in γ-γʹ alloys derived from the Ni-Co-Al-Ti-Cr system.  

In all alloys tested, Al and Ti were found to partition preferentially to the γʹ phase, whereas Co 

and Cr partitioned preferentially to the γ phase.  However, above a critical Co content (~19 

at.%), the extent of partitioning of Al and Ti to the γʹ phase reduced.  Conversely, Cr partitioned 

more strongly to the γ phase with Co additions of up to ~19 at.%, above which this preferential 

segregation was less pronounced.  This non-monotonic trend of elemental partitioning 

behaviour with increasing Co concentration was attributed to a transition in the chemistry of 

the L12 γʹ phase from Ni3(Ti,Al) to (Ni,Co)3(Ti,Al) and thus to a change in its solute solubility. 

2.1 Introduction  

As discussed in Chapter 1, the drive to improve aero-engine efficiency imposes higher 

temperatures and stresses on the alloys from which turbine components are fabricated, 

requiring new higher-performance alloys to be developed that can sustain these more stringent 

in-service conditions.  The polycrystalline Ni-based superalloys currently deployed as turbine 

discs typically comprise a Ni-rich solid solution (γ) exhibiting the face-centred cubic (A1) 

crystal structure strengthened by coherent particles of an intermetallic phase, Ni3(Al,Ti) (γ'), 

possessing the L12 superlattice structure [1].  One method by which superalloys can be 

designed with higher proof strength and greater creep resistance is through increasing the 

volume fraction of the strengthening γ' phase for a given temperature [12, 29].  This can be 

readily achieved through increasing the concentration of γ'-forming elements such as Al and 

Ti.  Ti additions also offer the benefit of increasing the anti-phase boundary energy of the γ' 

phase whilst not negatively impacting alloy density [148].  However, excessive Ti additions 

increase the propensity to form the Ni3Ti (η) phase, which has the D024 crystal structure and is 

generally considered deleterious to alloy properties [83].  This issue may be overcome through 

the use of Co-Ti co-additions [149], enabling new superalloy compositions with improved high 

temperature strength and creep resistance.  

In the binary Co-Ti phase diagram (Figure 2.1) [150] a two-phase field exists above 

600°C between an A1 Co-rich solid solution and the L12 Co3Ti intermetallic phase.  As shown 

in Figure 1.24, the monolithic Co3Ti compound exhibits an increase in proof stress with 
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increasing temperature [151].  Indeed, the strength of Co3Ti has been shown to exceed that of 

Ni3Al at temperatures greater than 730°C [152] and is thus anticipated to confer improved high-

temperature strength over conventional superalloys.  Furthermore, the Co3Ti intermetallic has 

the advantage of relatively low cost and low density compared with other candidate L12 

intermetallics such as Co3(Al,W).  Unfortunately, alloys based on the Co-Co3Ti two-phase field 

are not currently considered as viable alternatives to Ni-based superalloys as their 

microstructures are often unstable, precipitating detrimental intermetallic phases and exhibiting 

discontinuous reaction products at elevated temperature [116, 117, 153].  A further barrier to 

the commercial use of Co-Co3Ti based alloys is the low solvus temperature of the γ'-Co3Ti, 

which typically lies in the range of 815-872°C [154].  However, simultaneous additions of Co 

and Ti to conventional Ni-based superalloys have been shown to enable the development of 

(Ni,Co)-based superalloys that exhibit improved high-temperature properties over 

conventional superalloys.  

Figure 2.1. Binary phase diagram of the Co-Ti alloy system, where the blue and white regions indicate 

single-phase and two-phase fields respectively.  The dashed line in the Co-rich region of the phase 

diagram identifies the Curie temperature [150]. 

A partial phase diagram of the quaternary Ni-Al-Co-Ti system has been experimentally 

derived for temperatures between 750 and 1100°C [155, 156, 157].  It has been reported that a 

continuous L12 phase field exists between Ni3Al and Co3Ti (γ') along their near-stoichiometric 

compositions and that a continuous A1 phase field (γ) exists between the Ni-rich and Co-rich 

Co-Ti binary phase diagram removed for copyright reasons.  Copyright holder is ASM 

International. 
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vertices of the phase diagram.  Furthermore, for this range of temperatures, a continuous two-

phase field of γ and γ' has been shown to exist between the Ni-Ni3Al and Co-Co3Ti equilibria, 

such that any alloy composition within this two-phase field may produce the desirable A1-L12 

microstructure [155, 156, 157].  Consistent with this result, a number of studies have shown 

that, by incorporating elevated concentrations of Co and Ti into commercial Ni-based 

superalloy compositions, it is possible to achieve a γ-γ' microstructure that possesses superior 

high-temperature strength and creep resistance compared with conventional Ni-based 

superalloys [88, 148, 154, 158, 159].  This effect has been attributed to several mechanisms, 

most notably to an increase in γ' volume fraction as well as to an increase in the solid solution 

hardening of γ and γ' by Co and Ti respectively [158].   

Critically, the relative concentrations of the different alloying elements in Ni-based 

superalloys determine the elemental partitioning behaviour between the γ and γ' phases and, 

therefore, the properties of the alloy.  Previous studies have shown that Co partitions 

preferentially to the γ phase and has a significant influence on the solubility of other alloying 

elements in the γ and γ' phases of Ni-based superalloys [79, 87, 88, 89].  For example, additions 

of Co have been found to increase the volume fraction of γ' in commercial Ni-based superalloys 

[81, 87, 90, 91] and this has been attributed to the effect that Co has in reducing the solubility 

of Al and Ti in the γ solid solution [81, 89].  This is consistent with a recent study by Oni et al. 

[79], who used atom probe tomography to highlight the differences in elemental partitioning 

between the γ and γ' phases in three Ni-Al-Co-Ti alloys with varying Co and Ti content.  

Chromium is an important addition in polycrystalline Ni-based superalloys as it imparts 

resistance to oxidation and hot corrosion via the formation of a protective (diffusion-resistant) 

Cr2O3-rich scale [12].  However, high Cr concentrations in the alloy increase the propensity to 

form deleterious topologically close-packed (TCP) intermetallic phases such as σ [1].  

Therefore, it is desirable that the partitioning of Ni, Al, Co and Ti between the γ and γ' phases 

is assessed in the presence of Cr, as its concentration in the γ phase must be optimised to 

provide environmental resistance whilst also retaining microstructural stability.  Differences 

observed in the hardness of γ-γ' Ni-Co-Al-Ti-Cr alloys have been attributed to the effect of the 

Ni:Co ratio on the partitioning of the other elements [160] and therefore an improved 

understanding of the phase equilibria is critical if optimised compositions are to be designed.  

To this end, this study aims to determine the influence of Ni:Co ratio on elemental partitioning 

behaviour in alloys of the Ni-Co-Al-Ti-Cr system.  
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2.2 Experimental Procedure 

2.2.1 Material and heat treatment  

The series of model superalloys investigated in the present study was based on the 

(Ni,Co)75Al5Ti5Cr15 (at.%) system in which the Ni:Co concentration ratio was varied from 1:0 

to 1:3 (Table 2.1).  The concentration ratio of Al:Ti was kept at one to allow systematic 

assessment of the influence of Co on the partitioning of solute elements between the γ and γʹ 

phases.  Additionally, the total Al+Ti content was fixed at 10 at.% to achieve comparable γ' 

volume fractions in the alloys.  The alloys were named according to their nominal at.% Co.   

Vacuum arc melting was used to fabricate polycrystalline samples of the seven alloys 

from raw elements of at least 99.9% purity.  Thermal analysis of the as-cast alloys was 

performed using differential scanning calorimetry (DSC) to determine the critical phase 

transformation temperatures, knowledge of which was required for the selection of suitable 

homogenising temperatures.  DSC tests were performed using a Netzsch 404 heat-flux 

calorimeter operating at temperatures of up to 1450°C with a heating rate of 10°C min-1.  The 

alloys were sealed in quartz tubes under an argon atmosphere before being subjected to a 

homogenisation heat treatment in the single γ phase field at 1250°C for 24 hours to minimise 

the effect of casting-induced micro-segregation.  The homogenisation heat treatment 

temperature was chosen to be higher than the γʹ solvus temperatures of all of the alloys but 

sufficiently lower than their solidus temperatures to avoid incipient melting.  Following the 

homogenisation heat treatment, all alloys were subjected to an ageing heat treatment at 800°C 

for 1000 hours to attain the thermodynamically stable phase distributions at this temperature.  

The alloy specimens were then air-cooled. 

Table 2.1. Nominal chemical compositions of alloys Ni-Co-5Al-5Ti-15Cr (at.%), together with 

measured compositions and standard deviations (σ) obtained using SEM-EDS.  Alloys were aged at 

800°C for 1000 hours.  

Alloy 
Nominal composition (at.%) Measured composition (at.%) 

Ni Co Al Ti Cr Ni ±σ Co ±σ Al ±σ Ti ±σ Cr ±σ 

0Co 75.0 0.0 5.0 5.0 15.0 74.34 0.06 - - 5.46 0.07 5.35 0.06 14.85 0.09 

9Co 65.6 9.4 5.0 5.0 15.0 64.9 0.3 9.4 0.3 5.41 0.17 5.4 0.2 14.91 0.10 

19Co 56.3 18.8 5.0 5.0 15.0 55.9 0.6 18.85 0.15 5.2 0.9 5.21 0.10 14.83 0.11 

28Co 46.9 28.1 5.0 5.0 15.0 46.5 0.2 28.42 0.14 5.24 0.16 5.31 0.09 14.54 0.15 

38Co 37.5 37.5 5.0 5.0 15.0 37.55 0.04 37.88 0.06 4.69 0.03 5.13 0.06 14.76 0.06 

47Co 28.1 46.9 5.0 5.0 15.0 27.78 0.19 47.9 0.3 4.91 0.17 4.92 0.18 14.52 0.17 

56Co 18.8 56.3 5.0 5.0 15.0 18.89 0.08 57.02 0.14 4.31 0.05 5.06 0.05 14.71 0.05 
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2.2.2 Scanning electron microscopy (SEM) 

Alloy specimens in the as-homogenised and fully aged conditions were mounted in 

conductive Bakelite and prepared for metallographical examination by grinding using wet SiC 

abrasive paper.  They were then polished using progressively finer diamond suspensions down 

to 1 µm.  Specimens were subsequently electrolytically etched using a 10% phosphoric acid 

solution in order to dissolve the γ matrices and to highlight the γʹ precipitates.  Microstructural 

examination of the alloys was performed using an FEI Nova NanoSEM 450 scanning electron 

microscope in secondary electron mode.  Energy dispersive X-ray spectroscopy (EDS) was 

performed using a Bruker XFlash 6 solid state EDS system to identify the overall compositions 

of the alloys (Table 2.1), which were obtained from a minimum of 5 large area scans of at least 

0.5  0.5 mm in size.   

To permit estimation of mean γʹ precipitate size, the mounted specimens were re-

polished and etched with OP-S (colloidal silica suspension) diluted 1:1 in water.  The mean 

size of γ' precipitates in each aged alloy was quantified by taking back-scattered electron 

images using the FEI Nova NanoSEM 450 microscope and analysing at least 2,000 precipitates 

in image analysis software, ImageJ.   

2.2.3 Differential scanning calorimetry (DSC) 

DSC was performed to determine the γʹ solvus, solidus and liquidus temperatures of the 

seven model superalloys after the ageing heat treatment of 800°C for 1000 hours.  Small discs 

of 5 mm in diameter and 1 mm in thickness were extracted from each alloy in the fully aged 

condition using spark erosion.  DSC tests on these aged alloy specimens were performed as for 

the as-cast alloy specimens using a Netzsch 404 heat-flux calorimeter operating at temperatures 

of up to 1450°C with a heating rate of 10°C min-1.  Data analysis was performed using Igor Pro 

6.3 software [161].  

2.2.4 Atom probe tomography (APT) 

Atom probe tomography (APT) was performed to determine the compositions of the γ 

and γ' phases within the seven model superalloys aged at 800°C for 1000 hours.  Cuboidal rods 

(0.5  0.5  15 mm) were extracted from each alloy in the fully aged condition using electrical 

discharge machining (EDM).  From these rods, specimens suitable for APT analysis were 

prepared in the form of sharply pointed needles by a rough electropolish using a 25% perchloric 

acid solution at a voltage of 15-20 V, followed by fine electropolishing using a more dilute 
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perchloric acid solution (2%) at a voltage of 15 V.  All APT experiments were carried out using 

a CAMECA local-electrode atom-probe (LEAP) 4000X HR instrument at the Michigan Center 

for Materials Characterization.  The instrument was operated in the high-voltage pulsing mode 

with the superimposed pulsing voltage at nominally 20% of the steady-state voltage and a 

detection efficiency of ~36%.  Specimen temperatures were maintained at nominally 50 K.  

Initial data processing was performed using the CAMECA IVAS 3.6.8 software.  Data were 

subsequently processed to deconvolve the overlapping isotopic peaks.  Proximity histograms 

(proxigrams) were generated from the data acquired, which displayed the atomic fraction of 

each element as a function of its proximity to the γ/γ' interface, as defined using an 

isoconcentration surface of Al and/or Ti.  These surfaces were used as reference points for 

calculating the proxigrams, which were computed 10 nm either side of the interfaces using a 

0.5 nm bin size.  Error bars displayed represent one standard deviation (σ) and were calculated 

using Equation 2.1: 

𝜎 = √(𝐶𝑖(1 − 𝐶𝑖))/𝑁                                    Equation 2.1 

where 𝐶𝑖 is the calculated atomic fraction of each element i and N is the total number of atoms 

in each bin [162].  For each alloy, the mean elemental concentrations in the γ and γ' phases 

were quantified using data points away from the interface, where the deviation from the average 

value was not more than ~1 at.%.  The uncertainty associated with these values was taken to 

be the standard deviation of the elemental concentrations over the range used to calculate the 

average values.   

The elemental concentration data were used to calculate the volume fraction of the γ' 

phase in each alloy using the lever rule: 𝐶𝑖
alloy

= (𝐶𝑖
γ′  

. 𝑓γ′ 
) + (𝐶𝑖

γ 
. (1 − 𝑓γ′ 

)), where 𝐶𝑖
alloy

 is 

the nominal concentration of element i in the alloy, 𝐶𝑖
 γ and 𝐶𝑖

 γ′ 
 are the concentrations of the 

same element in the γ and γ' phases respectively and 𝑓γ′ 
 is the volume fraction of γ' in the 

alloy.  The overall γ' volume fraction in each alloy was determined by rearranging the lever 

rule (Equation 2.2): 

𝑓𝛾′ 
=

𝐶𝑖
alloy

−𝐶𝑖
𝛾 

𝐶𝑖
𝛾′ 

−𝐶𝑖
𝛾 

              Equation 2.2 

Values for 𝐶𝑖
alloy

− 𝐶𝑖
γ 

 were then plotted against values for 𝐶𝑖
γ′ 

− 𝐶𝑖
γ 

 for the individual 

alloying elements and a linear regression analysis performed to determine the line gradient, 

equivalent to 𝑓γ′ 
. 
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2.2.5 Computational modelling 

The compositions of the γ and γʹ phases in the quinary Ni-Co-Al-Ti-Cr alloys were 

calculated by the CALPHAD approach using the Thermo-Calc software with the TCNi8 

database.  Phase equilibria were calculated for 800°C without suppressing the formation of any 

phases.  In addition, the equilibrium phase transition temperatures of each alloy were computed 

using Thermo-Calc with the TCNi8 database. 

2.3 Results  

Duplex γ-γʹ microstructures were observed in all alloys in their homogenised condition 

and following ageing at 800°C with no other phases observed (Figure 2.2).  The Co-free alloy 

(Figure 2.2a) and those alloys containing up to 38 at.% Co (Figure 2.2b-e) exhibited isolated 

γʹ precipitates.  With increasing Co content from 0 to 38 at.%, there appeared a decrease in 

mean γ' precipitate size, measured as a cube edge length assuming that the precipitates in each 

alloy adopted a cuboidal morphology.  Overall, γ' precipitate size for the aged alloys decreased 

from ~119 ±4 nm for the 0Co alloy to ~67 ±3 nm for the 38Co alloy.  The 47Co and 56Co 

alloys (Figure 2.2f, g) exhibited elongated γʹ precipitates, suggesting directional coalescence 

during precipitate growth.  It should be noted that the triangular appearance of the precipitates 

in the 47Co alloy (Figure 2.2f) was consistent with sectioning away from the {100} planes. 

It should be noted that raising the Co content to 75 at.% to achieve the Ni-free 

quaternary alloy (Co-5Al-5Ti-15Cr at.%) appeared to destabilise the γ-γ' microstructure, 

indicating the need for a critical Ni content (Appendix, section 8.1). 
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Figure 2.2. Secondary electron images of the A1-L12 microstructure, showing γ' precipitates embedded 

in the γ matrix of alloys: (a) 0Co, (b) 9Co, (c) 19Co, (d) 28Co, (e) 38Co, (f) 47Co and (g) 56Co 

following ageing at 800°C for 1000 hours. 

Figure 2.3 shows the volume fraction of the γʹ phase in each of the seven γ-γ' alloys as 

derived from the experimental APT data as a function of the nominal Co content, compared 

with predicted values determined using Thermo-Calc with the TCNi8 database.  The 

experimental data indicate that the γʹ volume fraction increased slightly with Co additions of 

up to 19 at.%, with a subsequent decrease in γʹ volume fraction observed as alloy Co content 

increased further.  The modelled predictions of γʹ volume fraction were consistently lower than 

experimental values. 

2.3.1 Phase transition temperatures 

Figure 2.4 shows the γʹ solvus, solidus and liquidus temperatures of the aged alloys as 

a function of the nominal Co content.  The experimental data indicate that the solvus 

temperature of the γʹ phase decreased with increasing Co concentration, consistent with 

Thermo-Calc predictions for the alloys of higher Co content.  The Co concentration appears to 

have had a less pronounced effect on the experimentally obtained solidus and liquidus 

temperatures. 
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Figure 2.3. Volume fraction of the γ' phase in the Ni-Co-5Al-5Ti-15Cr (at.%) alloys tested as a function 

of nominal alloy Co content.  Experimental data (markers) are compared with thermodynamic model 

predictions (solid lines) obtained using Thermo-Calc with the TCNi8 database for 800°C. 

 

 

 

 

 

 

 

 

 

 

 

Figure 2.4. Liquidus, solidus and γ' solvus temperatures of the Ni-Co-5Al-5Ti-15Cr (at.%) alloys as a 

function of nominal alloy Co content.  Experimental data (markers) are compared with thermodynamic 

model predictions (solid lines) obtained using Thermo-Calc with the TCNi8 database. 
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2.3.2 Elemental phase partitioning 

Compositional data obtained from the 0Co alloy were used as a baseline to which 

corresponding data from the quinary (Co-containing) alloys could be compared.  Figure 2.5a 

displays a 10 nm slice through the reconstruction of the atom probe sample of the aged Co-free 

alloy, showing the Ni, Al, Ti and Cr solute distributions where each coloured dot represents 

one atom of a particular solute species.  Two phases were identified, pertaining to γ and γ' as 

indicated.  The associated proximity histograms are presented in Figure 2.5b.  It can be seen 

that the concentrations of Ni in the γ and γ' phases were similar, although a slight decrease in 

Ni concentration at the interface was observed.  The other elements showed a marked 

difference in solute concentration between the γ and γ' phases.  The γ phase was enriched with 

Cr (~23 at.%) and the γ' phase was enriched with Ti (~11 at.%) and Al (~11 at.%). 

 

 

Figure 2.5. (a) Atom probe reconstructions of the spatial distributions of Ni, Ti, Al and Cr atoms within 

a 10 nm slice through the volume analysed of aged alloy 0Co.  100% Al (red), 100% Ti (orange), 100% 

Cr (blue) ions are shown but only 70% Ni (green) ions are shown so that the γ and γ' phases may be 

distinguished.  (b) Proxigrams showing solute concentration profiles across the γ/γ' interface.  Error 

bars have been included but are smaller than the symbols used. 

Figure 2.6a displays a 10 nm slice through the atom probe reconstruction of the aged 

56Co alloy, showing the Ni, Ti, Al, Cr and Co solute distributions.  It is evident that the γ 

matrix was rich in Cr and Co and that the γ' precipitates were rich in Ni, Ti and Al.  The 

corresponding proxigrams shown in Figure 2.6b permit an estimate to be obtained for elemental 

concentration within the γ and γ' phases.  Thus, the γ phase comprised circa. 59 at.% Co and 

21 at.% Cr whilst the γ' phase comprised circa. 30 at.% Ni, 12 at.% Ti and 8 at.% Al.  The 

proxigrams also indicated the presence of a diffuse interface between the γ and γ' phases 

approximately 20 nm in width.  In the γ phase approaching the interface, there appeared to be 
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a slight enrichment in Co and Cr and depletion in Ni, Ti and Al.  This may be attributed to the 

coarsening of the γ' precipitates observed in this alloy (Figure 2.2g).  Figures showing the atom 

probe reconstructions and proximity histograms pertaining to the other five alloys are provided 

in the Appendix (section 8.2). 

 

 

Figure 2.6. (a) Atom probe reconstructions of the spatial distributions of Ni, Ti, Al, Cr and Co atoms 

within a 10 nm slice through the volume analysed of aged alloy 56Co.  To distinguish the γ phase from 

the γ' phase, only a fraction of the ions are shown for each element [10% Ni (green), 30% Al (red), 30% 

Ti (orange), 20% Cr (blue) and 4% Co (purple)].  (b) Proxigrams showing solute concentration profiles 

across the γ/γ' interface.  Error bars have been included but are smaller than the symbols used. 

Comparison of Figure 2.5 and Figure 2.6 indicates that the addition of 56 at.% Co to 

the Ni-Al-Ti-Cr quaternary alloy caused less extensive partitioning of Al than of Ti to the γ' 

phase.  Increased partitioning of Ni towards the γ' phase was observed in alloy 56Co compared 

with alloy 0Co.  

Table 2.2 shows the mean atomic concentrations of elements within the γ and γ' phases 

for each alloy, quantified from their respective proxigrams.  The elemental partitioning 

coefficient (𝑘𝑖) was defined as the ratio of the concentration of element i in the γ' phase (𝐶𝑖
γ′

) 

to the concentration of the same element in the γ phase (𝐶𝑖
γ
) according to (Equation 1.4): 

 

 

This parameter is useful in the assessment of preferential phase partitioning of solutes and is 

displayed for 𝑖 = Al, Ti, Ni, Cr and Co in Table 2.2.  As inferred from 𝑘𝑖 values in excess of 

1, it is apparent that Ti and Al, and to a lesser extent Ni, segregated preferentially to the γ' 

𝑘𝑖 =  
𝐶𝑖

γ′

𝐶𝑖
γ  
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phase.  At any given alloy Co content, Ti exhibited a higher 𝑘𝑖  than Al, suggesting that 

preferential partitioning to the γʹ phase was higher for Ti than for Al.  Conversely, Cr and Co 

partitioned preferentially to the γ matrix phase in all alloy compositions, as indicated by 𝑘𝑖 

values of less than unity.  The extent of preferential partitioning of individual alloying elements 

was observed to be highly dependent on the Ni:Co ratio of the alloy.  
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Table 2.2. Average chemical compositions (at.%) of the γ and γ' phases and their associated standard deviations in the alloys following ageing at 800°C for 

1000 hours, as obtained from the APT proxigram data.  

 

 

 

Alloy Phase 
Average composition (at.%) Partitioning ratio (𝑪𝒊

𝛄′ 
/𝑪𝒊

𝛄
) 

Al ±σ Ti ±σ Ni ±σ Cr ±σ Co ±σ 𝑘𝐴𝑙 ±σ 𝑘𝑇𝑖 ±σ 𝑘𝑁𝑖 ±σ 𝑘𝐶𝑟 ±σ 𝑘𝐶𝑜 ±σ 

0Co 
γ 1.77 0.03 1.24 0.03 73.77 0.09 23.23 0.09 - - 

6.15 0.11 9.2 0.2 1.015 0.003 0.124 0.003 - - 
γ' 10.85 0.07 11.37 0.12 74.9 0.2 2.87 0.08 - - 

9Co 
γ 1.64 0.08 1.00 0.05 60.48 0.18 23.63 0.14 13.25 0.16 

6.9 0.4 12.2 0.7 1.180 0.005 0.104 0.005 0.200 0.006 
γ' 11.30 0.16 12.2 0.3 71.39 0.18 2.46 0.11 2.65 0.07 

19Co 
γ 1.41 0.08 0.73 0.05 46.75 0.18 24.99 0.08 26.1 0.2 

8.0 0.5 16.6 1.1 1.484 0.006 0.080 0.001 0.202 0.004 
γ' 11.27 0.09 12.10 0.05 69.37 0.08 2.00 0.02 5.26 0.10 

28Co 
γ 1.74 0.08 0.91 0.07 36.6 0.2 23.82 0.18 36.89 0.18 

6.5 0.3 13.5 1.1 1.770 0.011 0.086 0.004 0.260 0.006 
γ' 11.31 0.13 12.22 0.09 64.8 0.2 2.05 0.09 9.6 0.2 

38Co 
γ 2.07 0.09 0.95 0.06 25.2 0.3 24.9 0.2 46.8 0.3 

5.4 0.3 13.5 0.9 2.28 0.03 0.098 0.004 0.344 0.005 
γ' 11.12 0.19 12.8 0.2 57.5 0.3 2.45 0.09 16.1 0.2 

47Co 
γ 3.09 0.18 1.6 0.2 19.8 0.4 21.7 0.3 53.9 0.5 

3.3 0.2 7.3 0.9 2.32 0.05 0.173 0.007 0.527 0.009 
γ' 10.26 0.19 11.7 0.3 46.0 0.4 3.75 0.15 28.4 0.4 

56Co 
γ 3.72 0.15 2.04 0.18 13.9 0.4 21.2 0.4 59.2 0.4 

2.27 0.09 5.9 0.5 2.18 0.06 0.308 0.007 0.723 0.006 
γ' 8.43 0.06 12.0 0.1 30.28 0.15 6.53 0.08 42.79 0.15 
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2.3.3 Effects of alloying with cobalt 

To elucidate how the partitioning of Al, Ti and Cr between the γ and γ' phases varied 

with the Ni:Co ratio, the elemental concentrations within both phases are plotted in Figure 2.7 

as a function of alloy Co content.  Superimposed on these plots as solid lines are the equilibrium 

elemental concentrations of the phases computed at 800°C using thermodynamic modelling.  

For each alloy, the thermodynamic modelling predicted the formation of a duplex γ-γ' 

microstructure with no additional phases.  

The experimental data shown in Figure 2.7a indicate that the concentration of Al within 

the γ phase decreased up to a Co content of ~19 at.% (Ni:Co ratio of 3:1), above which Al 

concentration increased, inferring a transition in elemental partitioning behaviour at this Ni:Co 

ratio.  Correspondingly, within the γ' phase (Figure 2.7b), an increase in Al concentration was 

observed initially on addition of Co to the quaternary Ni-Al-Ti-Cr alloy, followed by a decrease 

in Al concentration as the Co content increased further.  The variation in Al concentration with 

increasing Co content, as predicted by thermodynamic modelling (solid lines in Figure 2.7a, b) 

followed a similar trend, but suggests that the critical Co content at which there is a transition 

in partitioning behaviour was higher than that found experimentally.  

 

Figure 2.7. Concentration of (a) Al in the γ phase; (b) Al in the γ' phase; (c) Ti in the γ phase; (d) Ti in 

the γ' phase; (e) Cr in the γ phase; (f) Cr in the γ' phase as a function of nominal alloy Co content.  

Experimental data (markers) are contrasted with thermodynamic predictions (solid lines) obtained using 

Thermo-Calc with the TCNi8 database for 800°C.  
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From the Ti partitioning data (Figure 2.7c) it can be seen that an increasing Co content 

(up to ~19 at.%) gave rise to a decrease in the Ti concentration within the γ phase, followed by 

increased Ti concentration as Co content rose further.  This suggests that the observed 

preferential partitioning to the γ' phase occurred to a lesser extent at higher Co content.  The 

thermodynamic modelling data (solid line in Figure 2.7c) predicted a similar transition in phase 

partitioning behaviour at ~19 at.% Co.  However, the concentrations of Ti in the γ phase, as 

predicted by modelling, were consistently higher than those determined by experiment.  For 

the Ti concentration within the γ' phase of each alloy (Figure 2.7d) experimental data showed 

no clear correlation between Ti concentration and alloy Co content, whereas corresponding 

thermodynamic modelling data predicted an increase and then decrease in Ti concentration 

within the γ' phase as Co content increased.  

With respect to the partitioning of Cr, Figure 2.7e indicates that the concentration of Cr 

within the γ phase increased slightly up to a Co content of ~19 at.%.  For alloys with 

significantly higher Co content, Cr concentration in the γ phase was observed to decrease.  

Conversely, within the γʹ phase (Figure 2.7f), an initial slight decrease in the Cr concentration 

was observed with increasing Co content (up to ~19 at.%) followed by an increase in Cr 

concentration as Co content increased further.  The modelling data displayed a comparable 

trend to the experimental data (Figure 2.7e, f) though the experimentally-determined Cr 

concentrations in both the γ and γ' phases were consistently higher than those predicted using 

thermodynamic data.  

To summarise the experimental data presented thus far, Figure 2.8 shows how the 

elemental partitioning coefficients (𝑘𝑖) were dependent on the Co content of the alloy.  From 

Figure 2.8a, it can be seen that the 𝑘𝑖  of Ti was higher than that for Al for each alloy 

composition tested, with Ti and Al displaying a peak in 𝑘𝑖 at a Co content of ~19 at.%.  In 

contrast, Cr exhibited a minimum in the 𝑘𝑖 at this critical Co content (~19 at.%) (Figure 2.8b).  

Figure 2.8c indicates that Ni segregated preferentially to the γ' phase in the presence of Co and 

did so to a greater extent with increasing Co additions of up to 47 at.%.  Furthermore, it appears 

that Co partitioned to the γ' phase to a greater extent as Co concentration in the alloy increased.   
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Figure 2.8. Variation in elemental partitioning coefficients (𝑘𝑖) of (a) Al and Ti; (b) Cr and (c) Ni and 

Co as a function of nominal alloy Co content.  

Figure 2.9 shows the elemental constitution of the two sub-lattices of the γ' phase as a 

function of alloy Co content, as predicted by thermodynamic modelling.  Figure 2.9a, b suggest 

that, as expected, Ti preferentially occupies the Al sub-lattice.  A significant fraction of the Cr 

concentration predicted to reside in the γʹ phase (solid line in Figure 2.7f) is anticipated to 

occupy the Al sub-lattice (Figure 2.9c, d).  This is suggested by the comparable concentration 

profiles of Figure 2.7f and Figure 2.9d in addition to the relatively high concentration values 

calculated for Cr on the Al sub-lattice.  Figure 2.9e, f would indicate that, for all alloy Co 

contents, Co substitutes predominantly onto the Ni sub-lattice.  

Figure 2.9. Concentration of (a) Al and Ti on the Ni sub-lattice; (b) Al and Ti on the Al sub-lattice; (c) 

Cr on the Ni sub-lattice; (d) Cr on the Al sub-lattice; (e) Ni and Co on the Ni sub-lattice; (f) Ni and Co 

on the Al sub-lattice with varying alloy Co content, as predicted by Thermo-Calc with the TCNi8 

database for 800°C.  
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2.4 Discussion 

With increasing Co content in γ-γ' Ni-Co-Al-Ti-Cr alloys, both Al and Ti were observed 

to partition more extensively to the γ' phase up to the Co content of ~19 at.%, after which the 

preferential segregation of Al and Ti to the γ' phase was less extensive (Figure 2.8a).  The 

inference is that a transition in elemental partitioning behaviour occurs at a critical Co content 

in the vicinity of 19 at.%.  The more extensive degree of partitioning of Al and Ti to the γʹ 

phase at relatively low Co contents may be attributed to the effect that Co has in reducing the 

solubility of Al and Ti in the Ni-based γ solid solution [81, 89].  

In contrast to Al and Ti, with increasing Co additions up to ~19 at.%, the Cr content in 

the γ phase increased (Figure 2.7e) accompanied by a concomitant decrease in Cr concentration 

in the γʹ phase (Figure 2.7f).  Increasing concentrations of Cr in the γ phase at relatively low 

Co content may be due to the increased partitioning of Al and Ti to the γʹ phase (Figure 2.7a, 

c).  For alloys with significantly higher Co content, the concentration of Cr in the γʹ phase 

appeared to increase (Figure 2.7f) with a concomitant decrease in the γ phase (Figure 2.7e).  

This suggests that the γ' phase exhibits a higher solubility for Cr in the presence of high Co 

concentrations. 

The non-monotonic dependence of elemental concentration within the γ and γʹ phases 

on increasing alloy Co content may be explained with reference to the quaternary phase 

diagram of the Ni-Co-Al-Ti system derived for the temperature range 750-1100°C [155, 156].  

In the Ni-Al rich region of the quaternary phase diagram, the L12 γʹ phase is likely to be 

Ni3(Al,Ti).  Where Co and Ti content are increased simultaneously, the effect is to shift the 

alloy composition across the γ-γʹ two-phase field connecting the Ni-Ni3Al and Co-Co3Ti 

equilibria.  This plausibly corresponds to a gradual chemical shift of the γʹ phase from Ni3Al-

based to Co3Ti-based [155, 156].  The resulting difference in phase chemistry of the γʹ would 

be expected to induce different elemental phase partitioning in low and high Co variants of 

alloys from the quaternary Ni-Co-Al-Ti system.  Indeed, it has been reported that in γ-γʹ Ni-

Co-Al-Ti alloys, a simultaneous decrease in the concentration ratios of Ni:Co and Al:Ti 

corresponds to marked changes in the partitioning coefficients of Al and Ti on ageing at 750°C 

[79].  However, the compositions at which these transitions occurred were not established in 

that study as a result of the limited number of samples investigated.  It has been well established 

that Ti can substitute extensively for Al in Ni3Al whereas Co3Ti exhibits relatively low 

solubility for ternary alloying elements such as Al [119].  In the current alloys, the transition 

in elemental phase partitioning behaviour observed with increasing alloy Co content is thus 
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putatively attributed to a change in the solute solubility in the γʹ phase, driven by the underlying 

thermodynamics of the system.  

Despite the preferential partitioning of Co towards the γ matrix phase (𝑘𝐶𝑜 consistently 

< 1; Table 2.2), an increase in the partitioning coefficient of Co was observed with its increasing 

concentration in the alloy (Figure 2.8c).  This indicates that the preferential segregation of Co 

towards the γ phase was occurring to a lesser extent as its concentration in the alloy increased, 

and that the partitioning of Co toward the γʹ phase was becoming more pronounced.  In a recent 

study published by Oni et al., 2016 [79], which examined the atomic site occupancies in γʹ 

within quaternary Ni-Al-Co-Ti alloys, it was reported that the site preference of Co in the A3B 

structure of γʹ changes from a random distribution between the A and B sub-lattices in the 15 

at.% Co alloy to the A sub-lattice with alloy Co content of 30 and 55 at.%.  This would indicate 

that, in Ni-Al-Co-Ti alloys, a chemical transition of the γʹ occurs from Ni3(Al,Ti) to 

(Ni,Co)3(Al,Ti) at a critical Co content in the range of 15-30 at.%.  Thus, in the current study, 

it is plausible that at Co contents above ~19 at.%, Co preferentially occupies the Ni sub-lattice 

of the L12 structure to form (Ni,Co)3(Ti,Al) and this may underlie the observed phase 

partitioning behaviour at higher Co contents.  However, thermodynamic modelling predicted 

that the Co partitioning to the γʹ phase substitutes predominantly onto the Ni sub-lattice in all 

alloys (Figure 2.9e, f).   

It may be inferred from Figure 2.7f that the γʹ phase of alloys comprising Co contents 

greater than ~19 at.% exhibit rapidly increasing solubility for Cr.  With regards to the atomic 

site preferences of Co and Cr in L12 Ni3Al, a first-principles study by Chaudhari et al., 2013 

[66] suggests that if Co were to reside on the Ni sub-lattice of the γʹ phase, then the most 

thermodynamically stable atomic configuration would be for Cr to occupy the Al sites of the 

L12 lattice.  Their study, using density functional theory calculations, indicated that the 

substitution of Co on to the Ni sub-lattice of the γʹ generates a larger energy barrier for a Cr 

atom residing on the Al sub-lattice to transfer to the Ni sub-lattice.  The implication is that by 

raising the Co content of the alloy, and with its substitution on to the Ni sub-lattice of the γʹ 

phase, there is an increase in the thermodynamic driving force for Cr to partition to the Al sites 

of the Ni3Al lattice.  Furthermore, it has been shown both theoretically and experimentally that 

in the L12 Co3Ti compound, Cr substitutes onto the Ti sub-lattice [117, 119].  Thus, it follows 

that at higher alloy Co contents (above ~19 at.%), Cr may increasingly readily partition to the 

γʹ phase in which it occupies the (Ti,Al) sub-lattice of (Ni,Co)3(Ti,Al).  This is supported by 

the thermodynamic predictions of atomic site occupancies in γʹ, which indicate that the Cr 
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partitioning to the γ' phase at higher Co content substitutes preferentially for Ti and Al (Figure 

2.9b, d).  This substitution of Cr onto the (Ti,Al) sub-lattice may underlie the observed decrease 

in the preferential partitioning of Ti and Al to the γʹ with Co contents increasing above ~19 

at.% (Figure 2.8a).   

From Figure 2.8c, it is apparent that a Co content of 56 at.% corresponds to a notable 

decrease in 𝑘𝑁𝑖 and to a concurrent increase in 𝑘𝐶𝑜 that may suggest the onset of a 

compositional transition of the γʹ from Ni-based to Co-based.  It may be inferred from Table 

2.2 that the γʹ phase of alloy 56Co comprises a higher concentration of Co than Ni and is thus 

Co3Ti-based.  Therefore, it is plausible that, between 47 and 56 at.% Co in the alloy, there is a 

chemical transition of the γʹ phase occurring from (Ni,Co)3(Ti,Al) to Co3Ti.   

2.5 Conclusions 

Through APT, this study examined the effects that the Ni:Co ratio has on the elemental 

phase partitioning in alloys from the (Ni,Co)75Al5Ti5Cr15 (at.%) alloy system at 800°C.  The 

following conclusions were drawn. 

• All alloys were observed to exhibit a two-phase γ-γʹ microstructure in which Ni, Al and 

Ti segregated preferentially to the γ' precipitate phase (𝑘𝑖 > 1) and Cr and Co partitioned 

preferentially to the γ matrix phase (𝑘𝑖 < 1). 

• Ni was observed to partition more strongly to the γ' phase (i.e 𝑘𝑁𝑖 increases) with 

increasing Co additions of up to 47 at.%.  However, Co, whilst consistently partitioning 

preferentially toward the γ matrix (𝑘𝐶𝑜 < 1), showed an increased tendency to partition 

toward the γ' phase as alloy Co content increased (i.e. 𝑘𝐶𝑜 increases). 

• The preferential partitioning of Ti and Al toward the γʹ phase was observed to increase 

as alloy Co content increased up to ~19 at.%.  As Co concentration was raised further, 

the γʹ solubility for both Ti and Al appeared to decline. 

• Cr exhibited a more extensive degree of preferential partitioning toward the γ matrix 

with increasing Co additions of up to ~19 at.%, above which the concentration of Cr in 

the γʹ phase appeared to increase.  

• The non-monotonic correlation observed between elemental phase partitioning and 

alloy Co content was attributed to a transition in the composition of the γʹ phase from 

Ni3(Ti,Al) towards Co3Ti via (Ni,Co)3(Ti,Al). 
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• The substitution of Co onto the Ni sub-lattice at higher Co contents (greater than 19 

at.%) may be responsible for the apparent increase in Cr substitution onto the 

aluminium sub-lattice and concomitant decrease in the solubility of γʹ for Al and Ti, 

consistent with the thermodynamic data. 

• Although predictions of phase compositions based on thermodynamic equilibrium 

displayed a similar trend to experimental results with respect to phase partitioning in 

relation to Co content, the absolute values of transition concentrations differed.  

• Alloy γ' volume fraction was observed to increase slightly with increasing Co content 

up to 19 at.% (to a maximum value of 0.40), corresponding to maximal preferential 

partitioning of Ti and Al to the γ' phase.  With increasing Co content beyond ~19 at.%, 

a reduction in γ' volume fraction was observed. 
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3. Effect of Co:Ni Ratio on Lattice Misfit of γ-γ' Ni-Co-5Al-5Ti-15Cr (at.%) 

alloys 

The effect of a systematic increase in Co:Ni ratio on lattice misfit of γ-γʹ alloys of the Ni-Co-

Al-Ti-Cr system was investigated.  Seven model superalloys of fixed Cr (15 at.%), Ti (5 at.%) 

and Al (5 at.%) content and varying Co content (0 to 56 at.%) were hot-rolled to achieve a fine 

grain size and subsequently aged at 800°C for 1000 hours.  Neutron diffraction data were 

obtained for each of the seven model superalloys at room temperature, 400, 600, 700 and 

800°C.  At each test temperature, alloys of Co content 0-47 at.% exhibited a positive lattice 

misfit.  For alloys of Co content 0-47 at.%, lattice misfit was observed to decrease with 

increasing test temperature from ambient to 800°C.  For a specific test temperature, the 

magnitude of the lattice misfit was observed to increase as Co content increased from 0-38 

at.%.   

3.1 Introduction 

As discussed in Chapter 1, the exceptional high-temperature strength of Ni-based 

superalloys currently in service as aero-engine turbine discs derives from the ordered Ni3Al γ' 

precipitates (of L12 crystal structure) coherently embedded in a solid solution hardened γ-Ni 

matrix phase (of A1 crystal structure).  During extended high-temperature exposure, the γ-γ' 

microstructure evolves such that γ' precipitates can coarsen and change shape, with a 

concomitant effect on alloy mechanical behaviour.  From section 1.1, the geometrically close-

packed γ' phase, which is inherently ductile, precipitates coherently with the A1 γ-Ni matrix 

adopting a cube-cube orientation relationship with the parent γ.  In binary and higher-order A1-

L12 Ni alloys, interfacial energies originate predominantly from unfavourable juxtaposition of 

individual atoms at the γ-γ' inter-phase boundary, where the ordered L12-Ni3Al unit cells meet 

with the disordered A1 γ matrix atom array [163].  The inherent drive to minimise total system 

interfacial free energy is generally accepted to provide the driving force for high-temperature 

γ' precipitate coarsening, leading to diffusion of elements from small to large precipitates [164].  

One strategy in superalloy design when aiming to maintain stability of the γ' precipitate array 

at the higher proposed in-service temperatures is to minimise γ-γ' interfacial energy to retard 

the rate of γ' precipitate coarsening and, for Ni-based superalloys, this has traditionally been 

achieved by striving for a near-zero γ-γ' lattice misfit [1] (see section 1.1.1 iv). 
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In the classical coarsening theory of Lifshitz-Slyozov-Wagner (LSW) [165, 166], 

diffusion in the γ matrix phase is assumed to be the rate-limiting factor and γ' precipitate 

coarsening occurs over time, as described by Equation 3.1: 

         𝑟𝑡
3 − 𝑟0

3 = 𝐾. 𝑡                Equation 3.1 

where 𝑟𝑡 is the mean precipitate radius at time t, 𝑟0 is the mean precipitate radius when 

coarsening commences (t = 0) and K is the coarsening rate constant [163].  For a finite solute 

content in the matrix and precipitate phase and finite γ' volume fraction, both applicable for γ-

γ' Ni-based superalloys, the coarsening rate [167] that applies to Equation 3.1 is given by: 

𝐾 =  
8𝐷(1−𝐶𝑒)𝐶𝑒𝑉𝑚𝜎

9𝑅𝑇(𝐶𝑒
𝛾′

−𝐶𝑒)2
                                   Equation 3.2 

where D is the effective diffusivity in the γ matrix, 𝐶e is the equilibrium solute concentration 

(in atomic fraction) of the rate-limiting element in the γ matrix, 𝑉m is the molar volume of γ', σ 

is the interfacial energy between the γ and γ' phases, R is the universal gas constant, T is the 

absolute temperature and 𝐶e
γ′

 is the equilibrium solute concentration of the rate-limiting 

element in the γ' precipitate [163].  Equation 3.2 assumes an ideal solution.  This LSW 

relationship of the precipitate radius cubed with time, modified to account for finite precipitate 

volume fraction, has been demonstrated as representative of γ' precipitate coarsening or 

Ostwald ripening in γ-γ' Ni alloys [168, 169].  

As mentioned in section 1.1.1 iv with respect to Ni-based superalloys, alloy 

composition should be selected so that the γ-γ' lattice misfit is small; this minimises γ-γ' 

interfacial energy (σ) such that γ' coarsening is retarded [1], in accordance with Equation 3.2.  

The lattice misfit (δ) between the coherently embedded ordered γ' precipitates and the 

intervening γ matrix phase is defined according to (Equation 1.1):  

𝛿 = 2 
[𝑎γ′ − 𝑎γ]

[𝑎γ′ + 𝑎γ]
 

where 𝑎γ and 𝑎γ′ are the lattice parameters of the γ and γ' phases respectively [1].   

Values of lattice misfit for Ni-based blade alloys are reportedly negative at room 

temperature (i.e. 𝑎γ > 𝑎γ′), with misfit magnitude of the order of ~10-3 [1, 170, 171].  With 

increasing temperature, lattice misfit decreases to become more negative (i.e. of greater 

magnitude) in Ni-based superalloys, presumed due in part to differential thermal expansion 

between γ and γ' phases [172].  In contrast, L12-γ' strengthened Co-based alloys reportedly 
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exhibit a positive lattice misfit at room temperature (i.e. 𝑎γ′ > 𝑎γ) [120, 173, 174], where misfit 

has been observed to decrease in magnitude as temperature increases and remains positive up 

to ~1000°C [173, 174].  

Mughrabi, 2014 [175] postulates potential benefits of a positive γ-γ' lattice misfit on 

alloy high-temperature mechanical properties in terms of resistance to creep and fatigue: first, 

by invoking the model of Svoboda and Lukáš [176] which correlates a smaller magnitude of 

lattice misfit at high temperature (as reported for γ'-strengthened Co-based alloys) with better 

overall creep resistance; and secondly, by suggesting that directional coarsening (rafting) of γ' 

precipitates parallel to the stress axis may hinder propagation of fatigue cracks perpendicular 

to the stress axis, thereby enhancing fatigue resistance.  

As described by Reed, 2006 [1], lattice misfit is dependent on two factors: first, on 

elemental partitioning of solutes i between γ and γ' phases; secondly, on the corresponding 

influence of solutes i on γ and γ' lattice parameters.  From Chapter 2, atom probe tomography 

(APT) on the quinary γ-γ' Ni-(0-56)Co-5Al-5Ti-15Cr (at.%) alloy system (aged at 800°C) 

showed that as Co:Ni ratio increases, there is a transition in elemental phase partitioning with 

respect to Ti, Al and Cr at ~19 at.% Co, putatively attributed to a transition in the chemistry of 

the γ' phase from Ni3(Ti,Al) to (Ni,Co)3(Ti,Al).  To elucidate the relationship between the 

elemental partitioning and lattice misfit in this fundamental Ni-Co-5Al-5Ti-15Cr (at.%) 

system, it is important to quantify the effect of increasing Co:Ni ratio on γ and γ' lattice 

parameters and resultant lattice misfit for the proposed in-service temperature of 800°C for 

high-pressure turbine disc applications.  To this end, neutron diffraction was performed on each 

of the seven model superalloy compositions (0Co, 9Co, 19Co, 28Co, 38Co, 47Co, 56Co) 

investigated in Chapter 2 to determine values of γ and γ' lattice parameter across a range of 

temperatures (ambient, 400, 600, 700 and 800°C) likely to be experienced by aero-engine 

turbine disc superalloys in service. 
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3.2 Experimental Procedure 

3.2.1 Materials and homogenisation heat treatment 

The model superalloys tested were of the (Ni,Co)75Al5Ti5Cr15 (at.%) system for which 

the Ni:Co concentration ratio was varied from 1:0 to ~1:3.  The alloys were named according 

to their nominal atomic concentration of Co: 0Co, 9Co, 19Co, 28Co, 38Co, 47Co and 56Co 

(Table 3.1).  Polycrystalline ingots of the seven alloy compositions were fabricated by vacuum 

arc melting of raw elements to produce a cast ingot approximately 23  23  55 mm in size.  

The attached skull (residual solidified alloy) was cut from the cast ingot.  To determine solidus 

temperatures prior to homogenisation of each alloy ingot, differential scanning calorimetry 

(DSC) was performed on alloy discs (5  1 mm) extracted by spark erosion from 1 mm thick 

slices cut from the skull area nearest to the cast ingot.  A Netzsch 404 heat-flux calorimeter 

was used to perform DSC for each as-cast alloy, operating at temperatures of up to 1450°C 

with a heating rate of 10°C min-1.  The DSC trace for each of the seven cast alloys was analysed 

using Igor Pro 6.3 software [161] to determine an appropriate homogenisation heat treatment 

temperature for the cast alloy ingots.  A homogenisation heat treatment temperature of 1250°C 

was selected to minimise casting-induced micro-segregation.  This homogenisation heat 

treatment temperature was chosen to lie within the γ single-phase field i.e. above the γʹ solvus 

temperature but sufficiently below the solidus temperature to preclude incipient melting.  The 

cast alloy ingots (23  23  55 mm) were subjected to homogenisation heat treatment for 48 

hours at 1250°C using a Carbolite vacuum furnace. 

3.2.2 Hot-rolling of the homogenised alloy ingots 

The purpose of hot-working the homogenised alloy ingots was to produce, for each 

alloy composition, a microstructure with a finer grain size than the millimetre-scale grains that 

formed as a result of the casting process and subsequent homogenisation heat treatment.  A 

polycrystalline alloy with a small grain size promotes diffraction from all potential 

crystallographic planes through increasing the probability for all planes to be at the orientation 

required for diffraction to occur.   

In order to set a rolling temperature for the homogenised alloy ingots, DSC was 

performed on sample alloy discs (5  1 mm) as previously carried out on the as-cast specimens.  

The DSC trace for each homogenised alloy ingot was analysed using Igor Pro 6.3 software 

[161] to determine γ' solvus and solidus temperatures for each alloy.  A rolling temperature  
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Table 3.1. Nominal and measured chemical compositions (mean ± standard deviation, σ) of the seven 

model superalloys investigated.  Measurements obtained using SEM-EDS on alloys aged at 800°C 

(1000 hours) were within ±1 at.% of their nominal compositions.  

Alloy 
Nominal composition (at.%) Measured composition (at.%) 

Ni Co Al Ti Cr Ni ±σ Co ±σ Al ±σ Ti ±σ Cr ±σ 

0Co 75.0 0.0 5.0 5.0 15.0 74.88 0.12 - - 4.93 0.08 5.27 0.11 14.9 0.1 

9Co 65.6 9.4 5.0 5.0 15.0 65.2 0.2 9.55 0.15 5.09 0.10 5.20 0.05 14.9 0.2 

19Co 56.3 18.8 5.0 5.0 15.0 56.21 0.11 18.64 0.18 5.08 0.17 5.27 0.15 14.80 0.20 

28Co 46.9 28.1 5.0 5.0 15.0 47.2 0.2 27.86 0.08 5.01 0.19 5.23 0.09 14.8 0.3 

38Co 37.5 37.5 5.0 5.0 15.0 37.70 0.13 37.21 0.05 5.01 0.18 5.08 0.11 15.00 0.11 

47Co 28.1 46.9 5.0 5.0 15.0 28.43 0.09 46.4 0.4 5.0 0.2 5.2 0.3 15.0 0.2 

56Co 18.8 56.3 5.0 5.0 15.0 18.53 0.12 56.35 0.12 4.86 0.11 5.18 0.13 15.09 0.19 

was selected for each alloy composition that was effectively 2/3 into the γ single-phase field 

from the γ' solvus temperature.  Three super-solvus hot-rolling temperatures were selected such 

that alloys were flat-rolled in three batches: 0Co and 9Co were rolled at 1264°C; 19Co and 

28Co were rolled at 1251°C; 38Co, 47Co, 56Co were rolled at 1216°C.  The box-furnace used 

in the hot-rolling process was calibrated using an R-type thermocouple prior to hot-rolling to 

ensure that alloy ingots were rolled at the chosen super-solvus rolling temperature.  From the 

hot-rolling process, flat alloy slabs were obtained ~100 mm in length, ~30 mm wide and 9.6 - 

9.9 mm thick.   

3.2.3 Ageing hot-rolled alloy specimens at 800°C, 1000 hours 

Electrical discharge machining (EDM) was used to extract 4 cylindrical specimens of 

7 mm diameter from each of the seven as-rolled slabs.  All cylinders were cleaned ultrasonically 

in acetone and then in ethanol before being encapsulated in silica tubes back-filled with argon.  

Alloy specimens were inserted into a box-furnace pre-heated to 800°C (temperature measured 

using a calibrated n-type thermocouple) and aged for 1000 hours.  After 1000 hours, samples 

were removed from the furnace and air-cooled.  Thus, 4 cylinders were obtained for each alloy 

composition ready for neutron diffraction.  Additional samples were prepared and aged 

simultaneously under the same conditions to permit microstructural characterisation of each 

alloy composition in the aged condition. 

3.2.4 Microstructural characterisation of aged alloys prior to neutron diffraction 

To determine actual alloy compositions (Table 3.1), the additional aged samples 

described in the above section were mounted in conductive Bakelite, ground with wet SiC 

abrasive paper and polished using a progressively finer diamond suspension (from 6 µm down 
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to 1 µm).  The polished samples were electrolytically etched with a 10% phosphoric acid 

solution to dissolve the γ matrices and highlight γʹ precipitates.  Alloy microstructure was 

examined using a ZEISS GeminiSEM 300 scanning electron microscope in secondary electron 

(SE) mode.  Energy dispersive X-ray spectroscopy (EDS) was carried out using an Oxford 

Aztec EDS system to determine a mean measured composition for each alloy from 5 large area 

scans of at least 500  500 µm.  The measured composition for each alloy was found to be 

within ±1 at.% of its nominal composition (Table 3.1).  The EDS system was calibrated with a 

nickel strip prior to acquiring large area EDS scans. 

3.2.5 Neutron diffraction experiment at the ISIS Neutron and Muon Source 

The seven aged model superalloys (Ni,Co)75Al5Ti5Cr15 (at.%) of varying Co:Ni ratio 

(0-56 at.% Co) were subjected to neutron diffraction at room temperature, 400, 600, 700 and 

800°C to determine values of lattice parameter for individual γ and γ' phases.  Thus, lattice 

misfit could be determined for each alloy composition across a range of temperatures likely to 

be experienced in service by alloys based on the fundamental Ni-Co-Al-Ti-Cr quinary system.  

The POLARIS powder diffractometer was used (Figure 3.1), located at the Rutherford 

Appleton Laboratory ISIS Neutron and Muon Source, UK (RB1810034, October 2018).  The 

POLARIS instrument employed five detector banks, whereby bank 1 collected low-angle 

diffracted neutrons (corresponding to high d-spacing) and bank 5 collected high-angle 

diffracted neutrons (corresponding to low d-spacing).  

 

 

 

 

 

 

 

 

 

 

 

Figure 3.1. POLARIS instrument at the ISIS spallation neutron source of the Rutherford Appleton 

Laboratory.  
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One alloy composition was tested at a time, initially at room temperature before being 

heated to each of the higher test temperatures (400, 600, 700 and 800°C).  For each alloy 

composition, the 4 cylinders obtained (each of length ~10 mm) were stacked in a thin-walled 

vanadium can of 8 mm diameter (Figure 3.2).   

 

 

 

 

 

Figure 3.2. 8 mm diameter thin-walled vanadium can containing four aged alloy cylinders for one alloy 

composition prior to insertion into the sample holder.  

Thus, the alloy cylinder stack filled the height of the neutron beam (~40 mm) within the 

POLARIS instrument.  The vanadium can was screwed onto a large sample holder such that 

two thermocouples were in contact with the vanadium can (Figure 3.3), before the whole 

assembly was placed vertically inside the instrument furnace.  The assembly was loaded into 

the furnace in such a way that the vanadium can was at the optimal height to receive the full 

40 mm beam height.  In this way, a diffraction pattern was obtained at room temperature and 

subsequently at each of the higher temperatures for each alloy composition.  The vanadium 

cans containing the polycrystalline alloy specimens were rotated at ~6°/min within the furnace 

at room temperature and at the higher test temperatures to obtain a high-quality diffraction 

pattern by promoting diffraction from all potential crystallographic planes.  A 1-hour counting 

duration was used for each test temperature, deemed sufficient for the superlattice reflections 

to be captured with good counting statistics. 

 

 

 

 

 

 

Figure 3.3. Filled vanadium can (containing alloy cylinders), attached to the sample holder with a 

thermocouple either side to monitor test temperature.  
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3.2.6 Analysis of neutron diffraction data 

Following acquisition of diffraction data at each test temperature, the data collected 

during the 1-hour counting period were exported using the Manipulation and Analysis Toolkit 

for Instrument Data (MANTID) software [177].  The neutron diffraction patterns acquired were 

then analysed using the General Structure Analysis System (GSAS) software [178].  The Le 

Bail method of refinement [179] was used to determine lattice parameters of individual γ and 

γ' phases for each alloy composition.  Whilst diffraction data were collected using all five 

detector banks within the POLARIS instrument, only diffraction patterns obtained from high-

angle detector banks 3 (at ~52°), 4 (at ~93°) and 5 (at ~147°) were used in the analysis to 

acquire the most accurate values of phase lattice parameters. 

The accuracy with which lattice parameter can be determined relies on being able to 

define accurately the position of the peaks in the diffraction patterns.  Whole pattern fitting was 

used to refine each neutron diffraction pattern for alloys 0Co to 47Co at each test temperature.  

Two phases were defined within GSAS: one comprising Ni atoms with space group Fm3̅m (γ 

phase) and the other comprising Ni and Al atoms (Ni3Al) with space group Pm3̅m (γ' phase).  

It should be noted that the raw diffraction data were not manipulated at any stage of the 

refinement process.  Diffraction patterns for the 56Co alloy proved difficult to fit using the Le 

Bail method of refinement (see section 3.3.4).  

The refined lattice parameters of γ and γ' obtained using GSAS permit accurate 

determination of γ-γ' lattice misfit (δ) according to Equation 1.1.  A value of standard deviation 

was provided with each value of lattice parameter determined using the GSAS software.  The 

uncertainty in the lattice misfit values obtained were calculated using the standard method of 

error propagation using Equation 3.3: 

 

            Δ 𝛿 = |𝛿| √(
𝛥(𝑎𝛾′−𝑎𝛾)

(𝑎𝛾′−𝑎𝛾)
)

2

+  (
𝛥(𝑎𝛾′+𝑎𝛾)

(𝑎𝛾′+𝑎𝛾)
)

2

                    Equation 3.3 
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3.3 Results 

3.3.1 Microstructural characterisation of Ni-Co-5Al-5Ti-15Cr (at.%) alloys aged at 800°C 

Figure 3.4 shows representative SE micrographs of each of the seven model superalloys 

following hot rolling and subsequent ageing at 800°C for 1000 hours prior to neutron 

diffraction.  Each alloy exhibited a duplex γ-γ' microstructure and similar γ' precipitate 

morphology to that observed for the same alloy composition (aged at 800°C) investigated by 

APT (Figure 2.2).  The 56Co alloy appeared to indicate a degree of precipitate elongation, 

whereas the 38Co and 47Co alloys exhibited cuboidal γ' precipitates with a degree of 

coalescence in the 47Co alloy.  The lower Co alloys appeared to exhibit γ' precipitates with 

more rounded corners.   

    

   

 

 

Figure 3.4. Representative SE micrographs of alloy γ-γ' microstructure following hot rolling and 

subsequent ageing at 800°C for 1000 hours.  All alloys exhibited γ' precipitates embedded in a γ matrix. 

3.3.2 Lattice parameters of γ and γ' phases for alloys 0Co to 47Co 

Lattice parameters of the individual γ and γ' phases were determined for alloys 

containing 0, 9, 19, 28, 38 and 47 at.% Co at room temperature and at 400, 600, 700 and 800°C.  

Le Bail refinements of the neutron diffraction patterns were performed using GSAS software 

and an example of a fitted dataset is given in Figure 3.5.  Black crosses indicate experimental 

data, the red line indicates the Le Bail fit and the green line indicates the background.  The blue 

line indicates any difference between the experimental data and the Le Bail fit. 

 

500 nm 

0Co 9Co 19Co 28Co 

38Co 47Co 56Co 
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Figure 3.5. Example of Le Bail fit used to determine γ and γ' lattice parameters for each neutron 

diffraction pattern acquired using the ISIS POLARIS instrument.  The pattern shown was for alloy 

38Co at room temperature from detector bank 3.  

The γ' phase possesses an ordered primitive cubic L12 superlattice structure of the γ 

FCC matrix phase.  From Figure 3.5, the 111, 200 and 220 are doublet γ and γ' peaks due to 

scattering from both γ and γ' phases whilst the 100, 110, 210 and 211 peaks are from the γ' 

superlattice phase only.  A face-centred cubic Bravais lattice (cubic F), such as the A1-γ matrix 

phase, exhibits peaks when h, k and l are all odd integers or all even integers, where h, k and l 

are the Miller indices of the diffracting (reflecting) planes [180].  Therefore, the γ phase 

exhibits peaks corresponding to the following reflections, hkl: 111, 200, 220, 311, etc.  A 

primitive cubic Bravais lattice (cubic P), such as the L12-γ' phase, exhibits peaks when h, k and 

l are all odd, all even or mixed integers [180].  Therefore, the L12 γ' superlattice phase exhibits 

peaks corresponding to all the following reflections, hkl: 100, 110, 111, 200, 210, 211, 220, 

300/221, etc. i.e. no systematic absences occur and thus more peaks are observed for the γ' 

phase than for the γ phase.  

Table 3.2 summarises the values of lattice parameter of the individual γ and γ' phases 

for alloys 0Co to 47Co acquired at each test temperature.  These values are plotted graphically 

in Figure 3.6 and Figure 3.7 and show the variation in lattice parameter with increasing Co 

content up to 47 at.%.  For each alloy composition, the γ' lattice parameter was observed to be 

greater than the γ lattice parameter, indicating a positive lattice misfit throughout the 

compositional range.  Increasing test temperature leads to an increase in the lattice parameter 

of both γ and γ' phases for each alloy composition.  The 47Co alloy showed a marked reduction 

in lattice parameter of γ and γ' phases compared with alloys of lower Co content.  
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Table 3.2. Values of lattice parameter (Å) of γ and γ' phases for alloys 0Co to 47Co (aged at 800°C, 

1000 hours) obtained using neutron diffraction at room temperature (RT), 400°C, 600°C, 700°C and 

800°C.  Data were obtained from analysing neutron diffraction patterns using the Le Bail method of 

peak refinement.  Values of error of lattice parameter generated by the GSAS software were close to 

0.00002 Å for all datasets. 

 

 

 

 

 

 

 

 

 

Alloy Phase 
Phase lattice parameter (Å) 

RT 400°C 600°C 700°C 800°C 

0Co 
γ 3.55520 3.57339 3.58621 3.59282 3.60024 

γ' 3.57206 3.58918 3.60065 3.60650 3.61223 

9Co 
γ 3.55757 3.57678 3.58894 3.59565 3.60363 

γ' 3.57595 3.59386 3.60471 3.61058 3.61674 

19Co 
γ 3.55886 3.57718 3.59040 3.59712 3.60520 

γ' 3.57878 3.59595 3.60780 3.61371 3.61999 

28Co 
γ 3.55807 3.57607 3.58961 3.59634 3.60421 

γ' 3.57892 3.59589 3.60815 3.61415 3.62030 

38Co 
γ 3.55794 3.57711 3.58952 3.59642 3.60459 

γ' 3.57906 3.59742 3.60888 3.61520 3.62177 

47Co 
γ 3.53874 3.55678 3.56956 3.57710 3.58538 

γ' 3.55847 3.57596 3.58831 3.59543 3.60248 
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Figure 3.6. Lattice parameter of the γ phase as a function of alloy Co content for each test temperature.  

Error bars are shown but are smaller than the markers.  Data from Table 3.2. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 3.7. Lattice parameter of the γ' phase as a function of alloy Co content for each test temperature.  

Error bars are shown but are smaller than the markers.  Data from Table 3.2.  
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3.3.3 Lattice misfit of alloys 0Co to 47Co 

The lattice misfit (δ) for alloys 0Co, 9Co, 19Co, 28Co, 38Co and 47Co was determined 

for each test temperature from lattice parameter values (Table 3.2) using Equation 1.1.  Table 

3.3 shows the values of lattice misfit obtained for alloys 0Co-47Co.  For each test temperature, 

alloys 0Co-47Co exhibited a positive lattice misfit i.e. 𝑎γ′ > 𝑎γ.  In referring to the lattice 

misfit, δ, of an alloy, it should be noted that this is technically the constrained lattice misfit, as 

opposed to the unconstrained misfit i.e. that value of misfit that would be measured if the γ' 

precipitates were removed (for example by wet chemical electrolysis).   

Table 3.3. Values of lattice misfit (%) and associated standard deviations (determined using Equation 

3.3) for alloys 0Co to 47Co (aged at 800°C, 1000 hours) for each test temperature: room temperature 

(RT), 400°C, 600°C, 700°C and 800°C.  These values were determined using Equation 1.1 with the 

lattice parameter values for γ and γ' phases shown in Table 3.2. 

 

 

Values of lattice misfit were plotted to show variation in lattice misfit with increasing 

Co:Ni ratio (Figure 3.8a) and the dependence of lattice misfit on temperature for each alloy 

composition (Figure 3.8b).  All data in Figure 3.8 are from Table 3.3.  For a given test 

temperature, lattice misfit values increased with increasing Co content up to 38Co (Figure 

3.8a).  However, the 47Co alloy showed a lower lattice misfit than alloy 38Co at all test 

temperatures except 800°C, for which lattice misfit values were comparable.  For a given alloy 

Co content (Figure 3.8b), lattice misfit decreased with increasing temperature over the 

temperature range tested, with alloys 0Co-38Co exhibiting a similar trend in temperature-

dependence of the lattice misfit.  However, the 47Co alloy showed a lesser diminution of lattice 

misfit with increasing temperature.  

Alloy 
Alloy lattice misfit δ (%) 

RT ±σ 400°C ±σ 600°C ±σ 700°C ±σ 800°C ±σ 

0Co 0.4731 0.0008 0.4410 0.0007 0.4018 0.0007 0.3803 0.0007 0.3322 0.0008 

9Co 0.5154 0.0008 0.4764 0.0007 0.4384 0.0007 0.4143 0.0008 0.3631 0.0008 

19Co 0.5582 0.0006 0.5234 0.0006 0.4834 0.0006 0.4600 0.0006 0.4095 0.0006 

28Co 0.5841 0.0007 0.5528 0.0006 0.5150 0.0006 0.4940 0.0007 0.4453 0.0008 

38Co 0.5919 0.0007 0.5663 0.0007 0.5378 0.0007 0.5208 0.0007 0.4753 0.0008 

47Co 0.556 0.001 0.538 0.001 0.5239 0.0009 0.5112 0.0009 0.4757 0.0009 
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Figure 3.8. Lattice misfit of the model superalloys 0Co to 47Co: a) as a function of alloy Co content 

for each test temperature; b) as a function of temperature for each alloy Co content.  Data are from 

Table 3.3.  Error bars are shown but are smaller than the markers. 

 

a) 

b) 
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3.3.4 Neutron diffraction data for alloy 56Co 

Figure 3.9 shows the neutron diffraction pattern for the 56Co alloy (aged at 800°C, 

1000 hours) acquired at room temperature.  From the profile of the peaks, it would appear that 

the reflections corresponding to γ and γ' may comprise three peaks, as seen for the 200 

reflection.  Furthermore, the L12 superlattice reflections (γ' only) appear to be doublet peaks, 

as seen for the 210 reflection for the 56Co alloy shown for each test temperature in Figure 3.10.  

The profile, indicative of two individual but overlapping peaks for each test temperature 

(ambient, 400, 600, 700 and 800°C), may suggest a strain-induced distortion of the γ' phase.  

As such, no lattice parameter or lattice misfit values could be derived for the 56Co alloy.  The 

apparent distortion of the γ' phase indicated by the room-temperature diffraction pattern for the 

56Co alloy may be related to the elongation of γ' precipitates observed using SEM (Figure 3.4). 

 

 

Figure 3.9. Diffraction pattern for the 56Co alloy acquired at room temperature from detector bank 5.  

It was not possible to achieve a satisfactory Le Bail fit for these data.   

 



94 
 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 3.10. Detail of diffraction pattern for the 56Co alloy (from Figure 3.9), showing the room-

temperature 210 superlattice reflection (blue line, d-space range 1.58 to 1.65 Å), together with 

diffraction patterns obtained for the 56Co alloy at the higher test temperatures (for the same d-space 

range).  All data taken from detector bank 5. 

3.4 Discussion 

Alloys 0Co to 47Co (aged at 800°C for 1000 hours) all exhibited a positive lattice misfit 

at all test temperatures (room temperature, 400°C, 600°C, 700°C and 800°C).  With increasing 

Co content from 0 to 38 at.%, at any given test temperature, the magnitude of the lattice misfit 

observed increased (Figure 3.8).  The 47Co alloy exhibited a lower lattice misfit than the 38Co 

alloy at each test temperature, except at 800°C for which the two lattice misfit values were 

comparable.  From the APT study on the same alloy compositions aged at 800°C for 1000 

hours (Chapter 2), a non-monotonic relationship was observed between alloy Co content and 

elemental partitioning of Ti, Al and Cr, with a transition occurring at ~19 at.% Co.  Thus, it is 

difficult to relate directly the steady increase in lattice misfit with increasing Co from 0 to 38 

at.% observed at room temperature to the partitioning of Ti, Al and Cr.  Although a transition 

in Ti and Al partitioning was observed as Co content increased beyond ~19 at.% (Figure 2.8), 

alloy lattice misfit values derived at room temperature continued to increase with increasing 

Co content beyond 19 at.% (Figure 3.8), in parallel with the increased partitioning of both Ni 

and Co to the γ' phase observed in the same alloy series (Figure 2.8).  From the partitioning 

data (Figure 2.8), both Co and Ni increasingly partition to the γ' phase with increasing Co 
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content up to 38 at.%.  At higher Co concentrations, the partitioning coefficient for Ni (𝑘𝑁𝑖) 

appears to level off then decline as the γ' approaches predominantly Co-based, as for the 56Co 

(Table 2.2).  

For Ni-based superalloys, Equations 1.2 and 1.3 (in section 1.1.1 iv) have traditionally 

been used to predict lattice parameter values for individual γ and γ' phases (𝑎γ and 𝑎γ′ 

respectively) using phase elemental content (𝑥𝑖) and the efficacy of solute per at.% (𝛤𝑖) in 

expanding the γ and γ' lattice parameters.  However, values for 𝛤𝐶𝑜
γ′

 in the literature appear 

inconsistent.  Furthermore, literature values of Vegard coefficient are derived for binary alloys 

only.  Therefore, extrapolation of these simplistic relations to a higher-order alloy such as those 

of the Ni-Co-5Al-5Ti-15Cr (at.%) system may be presumptive, due to the complex interaction 

of additional alloying elements.  Figure 3.11 shows room temperature lattice parameter values 

derived from the present study using neutron diffraction data (from Figures 3.6 and 3.7) as well 

as lattice parameter values that would be predicted using APT data from the current study 

(Chapter 2) in conjunction with the available Vegard coefficients published in the literature for 

binary alloys [181].  Figure 3.12 shows room temperature lattice misfit values derived from the 

neutron diffraction data (Figure 3.8) compared with predicted lattice misfit values calculated 

from the predicted lattice parameter values (Figure 3.11) using Equation 1.1. 
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Figure 3.11. Room temperature lattice parameter values derived using neutron diffraction data obtained 

in the current study for the Ni-Co-5Al-5Ti-15Cr (at.%) alloys (Figures 3.6 and 3.7) compared with 

lattice parameter values predicted using APT data on the same alloys (Chapter 2) in conjunction with 

published Vegard coefficients for binary alloys [181]. 

 

 

 

 

 

 

 

 

 

 

 

Figure 3.12. Room temperature lattice misfit values derived using neutron diffraction data obtained in 

the current study for the Ni-Co-5Al-5Ti-15Cr (at.%) alloys (Figure 3.8) compared with predicted lattice 

misfit values calculated from the predicted lattice parameter values (Figure 3.11) using Equation 1.1. 
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From the graphs showing the variation in room temperature lattice parameter with 

increasing alloy Co content for individual γ and γ' phases (Figure 3.6 and Figure 3.7), the 

gradients were used to calculate values for the expansion of γ and γ' lattice parameters per at.% 

Co over two ranges: 0-19 at.% and 0-38 at.%.  These values are, respectively, 2  10-4 Å/at.% 

and 6  10-5 Å/at.% for the γ matrix phase and 4  10-4 Å/at.% and 2  10-4 Å/at.% for the γ' 

precipitate phase. 

In considering the dependence of alloy lattice misfit on Co:Ni ratio, it is of interest to 

compare values obtained in the present systematic study with systematic studies by Zenk et al., 

2016 [182] and Shinagawa et al., 2008 [127] on alloys of the Ni-Co-(9-10)Al-7.5W (at.%) 

system (aged at 900°C) in the presence and absence of Cr (Figure 3.13).  From Figure 3.13a, 

lattice misfit values obtained at room temperature for the 0Cr and 8Cr Ni-Co-(9-10)Al-7.5W 

alloys increased with increasing Co:Ni ratio.  Addition of 8Cr resulted in a systematic shift in 

values for lattice misfit toward negative lattice misfit values.  Thus, the trend showing an 

increase in lattice misfit with increasing Co:Ni ratio for the Ni-Co-(9-10)Al-7.5W system 

appears to occur independently of Cr content and in the absence of Ti. 

Figure 3.13. Adapted from Zenk et al., 2016 [182].  a) variation in γ-γ' lattice misfit with increasing 

Co:Ni fraction (fB) for Ni-Co-9Al-7.5W-8Cr (at.%) alloys (black line, alloy Co content labelled in at.%; 

data, Zenk et al. [182]) compared with Cr-free Ni-Co-10Al-7.5W alloys (red line, data from Shinagawa 

et al. [127]).  b) elemental partitioning coefficients for the 8Cr (at.%) alloys (solid symbols) [182] and 

0Cr alloys (open symbols) [127].  All values were obtained at room temperature for alloys aged at 

900°C. 

Zenk et al. [182] attributed the increase in lattice misfit with increasing Co:Ni ratio of 

the Ni-Co-Al-W system to the increased partitioning of W to the γ' phase with increasing Co 

a) Graph showing lattice misfit as a function 

of Co content in Ni-Co-Al-W ±Cr alloys 

removed for copyright reasons.  Copyright 

holder is The Minerals, Metals and Materials 

Society. 

b) Graph showing elemental partitioning 

coefficient as a function of Co content in Ni-

Co-Al-W ±Cr alloys removed for copyright 

reasons.  Copyright holder is The Minerals, 

Metals and Materials Society. 
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content (Figure 3.13b).  However, in the present study on the Ni-Co-5Al-5Ti-15Cr (at.%) alloy 

system, a similar trend, of increasing lattice misfit with increasing Co:Ni ratio (up to 38 at.% 

Co), was observed in the absence of W.  Furthermore, this trend of increasing lattice misfit 

with increasing Co content up to 38 at.% observed in the present study appears to show no 

direct correlation with the non-monotonic trend in Ti partitioning (Figure 2.7 and Figure 2.8). 

The absolute values of lattice misfit obtained by Zenk et al. [182] in the presence of 

8Cr for the Ni-Co-10Al-7.5W (at.%) system appear significantly lower than the corresponding 

lattice misfit values derived for the Ni-Co-5Al-5Ti-15Cr (at.%) system for room temperature 

in the present study.  This is plausibly attributed to the relatively high concentration of Ti in 

the current study and the fact that Ti was shown to partition strongly to the γ' phase (Chapter 

2), although the transition in partitioning at ~19 at.% Co cannot be directly related to the values 

of lattice misfit derived at room temperature for the same alloy series.   

For alloys of Co content 0-47 at.%, lattice misfit values decreased with increasing test 

temperature from ambient to 800°C, which may in part be attributed to a difference in thermal 

expansion coefficients of the γ and γ' phases.  Nathal et al., 1985 [172] used high-temperature 

X-ray diffraction techniques to show that thermal expansion coefficients of the γ' phase in 

single-crystal Ni-based superalloys were lower than those of the γ phase and thus the lattice 

misfit tends towards increasingly negative values as temperature increases.   

With respect to Ni-based superalloys (section 1.1.1 iv), alloy composition should be 

selected so that the γ-γ' lattice misfit is small; this minimises γ-γ' interfacial energy (σ) such 

that γ' coarsening is retarded [1] in accordance with Equation 3.2, as modified from the classical 

coarsening theory of Lifshitz-Slyozov-Wagner (section 3.1).  If a similar relation applies to 

Co-based superalloys, then it may prove serendipitous that lattice misfit values for the quinary 

Ni-Co-5Al-5Ti-15Cr (at.%) system decrease with increasing temperature from ambient to 

800°C for the entire compositional range for which a lattice misfit value could be derived (0-

47 at.% Co). 

The γ' precipitate morphology of each of the seven (Ni,Co)75Al5Ti5Cr15 (at.%) alloys 

following hot rolling and ageing at 800°C for 1000 hours (Figure 3.4) closely resembled that 

observed in the atom probe tomography study on the same alloy compositions, aged at 800°C 

for 1000 hours (Chapter 2).  From this APT study (Chapter 2), γ' precipitate size decreased 

with increasing Co content from 0 to 38 at.%: from ~119 nm for the Co-free alloy to ~67 nm 

for the 38Co alloy.  In both alloy series, alloys containing 56 at.% Co showed significant 
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elongation of the γ' precipitates.  This may account for the fact that no lattice misfit values 

could be derived for the 56Co alloy, with neutron diffraction data for this alloy indicating a 

strain-distortion of the γ' phase over the temperature range tested (ambient to 800°C).  

Individual γ' precipitates of the 38Co and 47Co alloys (Figure 3.4) appeared more cuboidal 

than those of the lower Co alloys, with the 47Co alloy also exhibiting a degree of γ' precipitate 

elongation.  This coalescence of γ' precipitates in the 47Co alloy may account for the reduction 

in lattice misfit values observed for the 47Co alloy compared with the 38Co alloy for 

temperatures ambient to 700°C (Figure 3.8). 

The equilibrium shapes of single γ' precipitates [183, 184, 185, 186] as well as the 

precipitate coarsening behaviour in multi-precipitate systems [187, 188, 189, 190] have been 

studied using integrated computational modelling.  Johnson and Cahn, 1984 [191] 

demonstrated that the equilibrium morphology of an elastically-stressed precipitate with 

isotropic interfacial energy is not necessarily cubic, even when matrix and precipitate both 

exhibit cubic crystal structure.  This has been termed shape bifurcation [191].  The L' parameter 

[192] assists in determining the bifurcation behaviour of a precipitate, where:  

𝐿′  ≡  
𝑔𝑒𝑙̅̅ ̅̅ ̅ 𝑙

𝜎
      

𝑔𝑒𝑙̅̅ ̅̅  represents a characteristic strain energy density, 𝑙 represents a characteristic length of the 

precipitate that equals the radius of a sphere of the same volume and σ is interfacial energy per 

unit area.  Therefore, L' is a dimensionless parameter characterising the ratio of the elastic 

energy to the interfacial energy of a precipitate [192].  Differences in precipitate shape for the 

same value of L' may therefore be used to elucidate the influence of crystal symmetry, variation 

in elastic stiffness and anisotropy of the interfacial energy and misfit strain [193].  

To predict the equilibrium shapes of γ' precipitates, Jokisaari et al., 2017 [193] 

developed a phase field model using experimental data or first principle calculations to study 

the ternary Co-Al-W system, for which considerable published data are available compared 

with other Co-based γ-γ' superalloy systems.  These authors suggest that the model should also 

apply qualitatively to systems with minor alloying additions that do not alter the sign of the 

misfit strain.  The model used resembled the diffuse interface model of Leo et al., 1998 [194].  

Jokisaari et al. [193] used a phase field free-energy formulation that incorporates interfacial 

energy (between γ and γ' phases), linear elasticity and anisotropic elastic stiffnesses, whilst also 

incorporating the diffuse nature of the γ-γ' interface observed experimentally [126, 195].  In 
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seeking to determine only the equilibrium precipitate shapes, chemical phase energies or 

chemical diffusion are not directly included but phase chemistry is indirectly addressed through 

interfacial energy, misfit strain and elastic stiffnesses. 

To achieve quantitative predictions of equilibrium shapes for Co-Al-W γ' precipitates, 

input values of γ-γ' interfacial energy, interface thickness, elastic constants and misfit strain are 

necessary.  Jokisaari et al. [193] used density functional theory to calculate the γ-γ' interfacial 

energy, assumed isotropic, derived by building a supercell structure using the pure Co-Al-W 

system.  The diffuse γ-γ' interface width was taken to approximate to 3-5 nm from APT 

measurements [126, 195].  In considering the system’s elastic behaviour, this model [193] used 

the room temperature misfit strain value of 0.53% reported by Sato et al., 2006 [120] and 

acknowledges the potential error, due to elastic stress, introduced by misfit strain values 

calculated using constrained lattice parameters from two-phase materials rather than from 

single-phase unconstrained values.  Because of the potential for elastically driven bifurcation 

behaviour, both spherical and ellipsoid initial shapes were used [193].  The L' parameter was 

invoked to characterise the ratio of elastic to interfacial energy of a precipitate. 

From the study of single precipitates, using elastic stiffness tensor values at 300 K, 

Jokisaari et al. [193] simulated a range of precipitate sizes for the Co-Al-W system, the smallest 

of diameter 20 nm (L' value 0.28).  A continuous transition from spherical to cuboidal occurred 

as the equilibrium size of the precipitates increased to 180 nm (L' value 2.8).  This is deemed 

a consequence of the increasing ratio of elastic energy to interfacial energy of the precipitate.  

For this size range, the final precipitate was shown to exhibit cuboidal symmetry irrespective 

of whether the initial precipitate morphology was spherical or ellipsoid [193].  In contrast, 

precipitates of larger size exhibited different behaviour.  Those of spherical initial condition 

preserved the cubic symmetry but precipitates with an ellipsoid initial condition displayed a 

lower order of symmetry, indicating that the increase in total interfacial energy of the 

precipitate that occurs with the symmetry change is more than offset by the reduction in elastic 

energy [193]. 

According to the model of Jokisaari et al. [193], elastic shape instability (or bifurcation 

behaviour) occurred at certain critical precipitate sizes, the first critical size being between 180-

242 nm (2.8 < L' < 3.9).  Above this size the precipitate equilibrium shape is plate like with 

low axial anisotropy ratios.  A second critical size lies between 277-319 nm (4.4 < L' < 5.2), 

above which precipitates are rod like, with the rod extending along one of the <100> directions 
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and the ratio of long: short axes becoming greater with increasing precipitate volume.  This 

shape bifurcation purportedly explains the directional coarsening observed experimentally in 

the absence of applied stress in the Co-Al-W system [138, 195]. 

The results of Jokisaari et al. [193] may be compared with those of Li et al., 2004 [192] 

who investigated systematically the effect of elastic inhomogeneity on the equilibrium states 

of an isolated precipitate in a Ni alloy model.  Li et al. [192] studied four different 

precipitate/matrix stiffness ratios and reported a critical L' for bifurcation within 3 < L' < 4 for 

the system with homogeneous moduli.  Systems with less stiff precipitates showed one shape 

bifurcation, but, for the stiffest precipitate system, two shape bifurcations were reported with 

increasing precipitate size: plate like initially with a small axial anisotropy ratio (which 

decreased with increasing precipitate stiffness) and then rod like.  By comparison, Jokisaari et 

al. [193] report a critical L' between 2.8 and 3.9, showing a similarity to the case of 

homogeneous moduli reported in [192], in addition to the plate like and rod like shape 

transitions seen only with the stiffest precipitate in [192].  Jokisaari et al. [193] suggest that it 

is the ratio of elastic constants 𝐶1212
𝛾′

 to 𝐶1212
𝛾

 that is the critical factor for controlling the axial 

anisotropy ratio of plate like morphologies and the second bifurcation to rod like morphologies. 

The shape bifurcation behaviour described by Jokisaari et al. [193] and Li et al. [192] 

may account for the evolution of γ' precipitate morphology from cuboidal to rod like observed 

in the current study in the Ni-47Co-5Al-5Ti-15Cr (at.%) alloy following ageing for 1000 hours 

at 800°C (Figure 3.4).  

3.5 Conclusions 

Using neutron diffraction, this study investigated the effect of increasing Co content (0-56 

at.%) on γ and γ' lattice parameters and resultant lattice misfit of (Ni,Co)75Al5Ti5Cr15 (at.%) 

alloys (aged at 800°C, 1000 hours) at room temperature, 400, 600, 700 and 800°C.  The 

following conclusions were drawn. 

• Alloys of Co content 0 to 47 at.% exhibited a positive lattice misfit at each test 

temperature.  For each test temperature, the magnitude of lattice misfit increased with 

increasing Co content from 0 to 38 at.%.   

• Values of room-temperature lattice parameter expansion (in Å) per at.% Co were 

calculated for individual γ and γ' phases.  These values are, respectively, 6  10-5 Å/at.% 
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and 2  10-4 Å/at.% over the 0-38 at.% Co range and 2  10-4 Å/at.% and 4  10-4 Å/at.%  

over the 0-19 at.% Co range. 

• The increase in room-temperature lattice misfit values with increasing Co content up to 

38 at.% appeared to parallel the increased partitioning of Ni and Co to the γ' phase 

observed over the same Co concentration range in a systematic study using atom probe 

tomography on the same alloy series (Chapter 2).  

• As Co content increased from 38 at.% to approach 47 at.%, a diminution in lattice misfit 

was observed for test temperatures ambient to 700°C.  This diminution was pronounced 

at room temperature but less pronounced at higher temperatures.  

• No lattice parameter or lattice misfit values could be derived for the 56 at.% Co alloy.  

The 56 at.% Co alloy neutron diffraction patterns obtained for each test temperature 

(ambient, 400, 600, 700 and 800°C) appeared to indicate a strain-induced distortion of 

the γ' phase. 

• With respect to the effect of temperature on lattice parameter and lattice misfit values, 

lattice misfit decreased with increasing temperature from ambient to 800°C for alloys 

containing 0 to 47 at.% Co.  Thus, a systematic shift in the lattice misfit-temperature 

curve toward higher misfit values was apparent as Co content increased from 0 to 38 

at.%.  However, the 47 at.% Co alloy showed a lesser diminution in lattice misfit with 

increasing temperature than was observed for the lower Co alloys. 

In summary, lattice misfit values were positive for the six (Ni,Co)75Al5Ti5Cr15 (at.%) alloys 

with Co content 0 to 47 at.%.  Lattice misfit values were observed to decrease with decreasing 

Co content from 38 to 0 at.% and decrease with increasing temperature from ambient towards 

the proposed new operating temperatures for turbine discs approaching 800°C.  
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4. Effect of Co:Ni Ratio on Oxidation Behaviour of γ-γ' Ni-Co-5Al-5Ti-15Cr 

(at.%) alloys 

The effect of a systematic increase in Co:Ni ratio on the oxidation performance of γ-γʹ alloys 

based on the Ni-Co-Al-Ti-Cr system was investigated.  Seven model superalloys of fixed Cr 

(15 at.%), Ti (5 at.%) and Al (5 at.%) content and varying Co content (0 to 56 at.%) underwent 

isothermal oxidation in air at 800°C using both thermogravimetric analysis (100 hours) and 

box-furnace exposure (1000 hours).  Following 1000 hours oxidation at 800°C, the 28Co, 38Co 

and 47Co alloys were observed to exhibit a flat, compact, well-defined external oxide scale 

and Cr2O3 layer with minimal oxygen ingress, together with a distinct Al2O3 sub-scale. 

4.1 Introduction 

As mentioned in Chapter 1, conventional turbine disc rotor components are fabricated 

from polycrystalline nickel-based superalloys typically comprising a Ni-rich solid solution (γ) 

of FCC crystal structure (A1), strengthened by coherent Ni3(Al,Ti) intermetallic precipitates 

(γ') of L12 superlattice structure [1].  Refractory elements such as W and Mo have also been 

incorporated in Ni-based superalloys to confer solid solution strengthening of the γ matrix 

phase [41].  Cr has traditionally been a critical addition in turbine disc Ni-based superalloys 

due to its ability to form a protective (diffusion-resistant) Cr2O3 scale, imparting resistance to 

oxidation and hot corrosion at high temperature [5].  High Cr concentrations can, however, 

encourage formation of the topologically close-packed σ phase, known to be detrimental to 

alloy strength [8, 11].  Therefore, Cr content must be optimised for adequate environmental 

resistance whilst retaining an exclusively γ-γ' microstructure.  Although highly successful for 

several decades as aero-engine turbine discs, superalloys based on the Ni-Ni3Al (A1-L12) 

system are approaching the limits of their high-temperature capability. 

As mentioned in Chapter 2, a partial phase diagram for the quaternary Ni-Al-Co-Ti 

system experimentally derived for temperatures in the range 750-1100°C [155, 156, 157] has 

been shown to exhibit a continuous γ-γ' two-phase field between the Ni-Ni3Al and Co-Co3Ti 

equilibria, suggesting that alloy compositions within this two-phase field exhibit the desired 

A1-L12 microstructure [155, 156, 157].  Indeed, incorporation of higher concentrations of both 

Co and Ti in conventional Ni-based superalloy compositions has been shown to elicit a γ-γ' 

microstructure that confers improved high-temperature strength and creep resistance [88, 148, 

154, 158, 159].  This is purportedly due to several mechanisms, notably to the higher γ' volume 
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fraction conferred by Co-Ti co-addition [148, 154, 158, 159], although the solid solution 

hardening of γ and γ' by Co and Ti respectively is assumed to contribute to the increased high-

temperature yield strength [158].  Although this appears encouraging for novel superalloy 

design, the higher proposed turbine entry temperatures demanded for improved fuel efficiency 

inevitably impose a harsher oxidising environment on the superalloys constituting the high-

pressure turbine discs.  The oxidation resistance of these high Co-Ti candidate superalloys 

therefore becomes critical. 

Crucially, alloys developed for high-temperature applications are engineered to confer 

surface integrity by oxidising to form a thermally stable, adherent and slow-growing oxide 

scale free from pores and cracks [63, 196].  Most conventional Ni-based turbine disc alloys are 

characteristic of chromia-formers [63, 77] i.e. they contain sufficient Cr to establish a 

continuous Cr2O3 scale during oxidation [73, 197] capable of protecting the underlying alloy 

at temperatures up to approximately 1000°C [72].  However, superalloys that elicit protective 

Cr2O3 scales can undergo accelerated degradation at high temperature in high oxygen partial 

pressures due to evaporation of Cr2O3 to CrO3, causing metal consumption and recession [72].  

This volatilisation becomes significant above approximately 1000°C, and even at lower 

temperatures in the presence of high velocity gases [197].  In this highly-oxidising 

environment, alumina-forming alloys appear more robust, as no vapour species exist in the Al-

O system with significant vapour pressures [72]. 

The thermodynamically stable form of Al2O3 is the slow-growing α-Al2O3 of corundum 

crystal structure [73].  However, at temperatures below ~1200°C, oxidation of Al2O3-forming 

alloys frequently elicits fast-growing transient metastable Al2O3 scales that are crystalline 

below certain temperature barriers [198].  The metastable γ-, δ- and θ-Al2O3 phases transform 

to the stable α-Al2O3 phase providing that activation barriers are overcome.  This may be 

achieved thermally but depends also on the presence of other species [198].  Cr has been 

reported to accelerate the transformation of metastable θ-Al2O3 to α-Al2O3 by initial formation 

of chromia, which is isotypic with α-Al2O3 thus providing sites for α-Al2O3 nucleation [73, 

198].  Ni also reportedly accelerates transformation to α-Al2O3 at 850°C and 950°C [198].  

Significantly, the faster-growing metastable Al2O3 phases possess lower density than α-Al2O3 

and transformation to the α-Al2O3 is associated with a 13% volume reduction [198]. 

As γ-γ' (A1-L12) superalloys derived from the two-phase field between the Ni-Ni3Al 

and Co-Co3Ti equilibria of the quaternary Ni-Al-Co-Ti system appear promising candidates 
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for next-generation higher-temperature turbine discs, elucidation of their high-temperature 

oxidation behaviour is critical.  The current study provides a systematic investigation into the 

effect of increasing Co:Ni ratio on oxidation performance of model γ-γ' superalloys based on 

the quinary Ni-Co-Al-Ti-Cr system at the higher proposed in-service temperature of 800°C. 

4.2 Experimental Procedure 

4.2.1 Materials and heat treatment 

The model superalloys tested were of the (Ni,Co)75Al5Ti5Cr15 (at.%) system for which 

the Ni:Co concentration ratio was varied from 1:0 to ~1:3.  The alloys were named according 

to their nominal atomic concentration of Co: 0Co, 9Co, 19Co, 28Co, 38Co, 47Co and 56Co 

(Table 4.1).  Polycrystalline ingots of the seven alloy compositions were fabricated by vacuum 

arc melting of raw elements of at least 99.9% purity.  To determine solidus and γ' solvus 

temperatures prior to homogenisation of each alloy ingot, differential scanning calorimetry 

(DSC) was performed on alloy discs (5 mm  1 mm) extracted by spark erosion.  For this 

purpose, a Netzsch 404 heat-flux calorimeter was used, operating at temperatures of up to 

1450°C with a heating rate of 10°C min-1.  The cast alloy ingots were encapsulated in quartz 

tubes, back-filled with argon before being subjected to a homogenisation heat treatment 

(1250°C, 24 hours) to minimise casting-induced micro-segregation.  This homogenisation heat 

treatment temperature was chosen to lie within the γ single-phase field, above the γʹ solvus 

temperatures of the alloys but sufficiently below their solidus temperatures to preclude 

incipient melting.   

Table 4.1. Nominal and measured chemical compositions (mean ± standard deviation, σ) of the seven 

model superalloys investigated.  Measurements obtained using SEM-EDS on alloys in the homogenised 

condition were within ±1 at.% of their nominal composition. 

Alloy 
Nominal composition (at.%) Measured composition (at.%) 

Ni Co Al Ti Cr Ni ±σ Co ±σ Al ±σ Ti ±σ Cr ±σ 

0Co 75.0 0.0 5.0 5.0 15.0 74.96 0.09 - - 5.01 0.04 5.16 0.02 14.87 0.06 

9Co 65.6 9.4 5.0 5.0 15.0 65.55 0.05 9.60 0.03 4.97 0.04 5.13 0.03 14.76 0.09 

19Co 56.3 18.8 5.0 5.0 15.0 56.2 0.1 19.08 0.04 4.82 0.07 5.25 0.04 14.65 0.10 

28Co 46.9 28.1 5.0 5.0 15.0 46.52 0.10 28.9 0.1 4.80 0.09 5.27 0.03 14.55 0.05 

38Co 37.5 37.5 5.0 5.0 15.0 37.42 0.06 38.33 0.11 4.83 0.06 4.92 0.04 14.50 0.05 

47Co 28.1 46.9 5.0 5.0 15.0 28.11 0.13 47.24 0.10 4.83 0.12 5.19 0.18 14.63 0.15 

56Co 18.8 56.3 5.0 5.0 15.0 18.69 0.16 56.81 0.05 4.8 0.1 5.21 0.08 14.5 0.1 
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4.2.2 Microstructural characterisation of homogenised alloys prior to oxidation 

An alloy specimen of ~1 cm thickness was cut from the end of each homogenised ingot 

and mounted in conductive Bakelite.  Specimens were ground with wet SiC abrasive paper and 

polished using a progressively finer diamond suspension (from 6 µm down to 1 µm).  The 

polished samples were then electrolytically etched with a 10% phosphoric acid solution to 

dissolve the γ matrices and highlight γʹ precipitates.  Alloy microstructure was examined using 

an FEI Nova NanoSEM 450 scanning electron microscope (SEM) in secondary electron (SE) 

mode to verify the presence of a γ/γʹ microstructure with no other phases present.  Energy 

dispersive X-ray spectroscopy (EDS) was carried out using a Bruker XFlash 6 solid state EDS 

system to determine a mean measured composition for each alloy from a minimum of 5 large 

area scans of at least 500  500 µm (Table 4.1).  The measured composition for each alloy was 

determined to be within ±1 at.% of its nominal composition.  The mounted specimens were 

then re-polished and etched with OP-S (colloidal silica suspension) diluted 1:1 in water to 

highlight γ grain boundaries for subsequent determination of alloy grain size using a Camscan 

MX2600 FEGSEM microscope. 

4.2.3 Isothermal oxidation of homogenised alloys at 800°C 

The seven model superalloys of fixed Cr (15 at.%), Ti (5 at.%) and Al (5 at.%) and 

varying Co content (0, 9, 19, 28, 38, 47, 56 at.%) were oxidised isothermally at 800°C in air.  

Each alloy was oxidised using two separate methods: thermogravimetric analysis (TGA) for 

100 hours and box-furnace exposure for 1000 hours. 

(i) Thermogravimetric analysis of alloys during isothermal oxidation (800°C, 100 hours) 

For each alloy composition, a rectangular plate (nominally 10  6  0.5 mm) was cut 

from the homogenised alloy ingot using a Secotom-10 cutting machine.  Each plate was spark 

eroded to produce a small hole approximately 2 mm diameter, 1 mm from the top of the sample 

and equidistant from the sides.  For uniform oxidation of each alloy specimen, all surfaces were 

ground using SiC abrasive paper and polished using a 4000 SiC grit size.  All edges and corners 

were chamfered and polished to achieve the same surface finish.  Each specimen plate was then 

measured using a micrometer accurate to ±0.01 mm to calculate surface area.  The specimen 

alloys were then ultrasonically cleaned in ethanol for 6 minutes and weighed before and after 

oxidation using a calibrated balance accurate to ±0.01 mg.  TGA was performed using a 

Setaram SETSYS Evolution instrument to permit continual monitoring of alloy mass as 
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oxidation progressed with time.  Alloy specimens for TGA were suspended from a platinum 

wire attached to an electrical microbalance and air was introduced into the sample chamber 

during testing at a rate of 30 ml.s-1.  For each TGA test, specimen mass was recorded every 30 

seconds for 100 hours to obtain a graph of mass gain per unit area (specific mass gain) as a 

function of time.  Subsequent data analysis was performed using Igor Pro 6.3 software [161] 

to assess how the oxidation kinetics may vary with increasing alloy Co:Ni ratio.   

(ii) Isothermal box-furnace oxidation of alloys (800°C, 1000 hours) 

For each alloy composition, a square plate (nominally 5  5  1 mm) was cut from the 

homogenised alloy ingot using a Struers Accutom-5 cutting machine.  For uniform oxidation 

of each alloy plate, all surfaces were polished as for the TGA specimens.  Alloy plates for box-

furnace exposures were measured using a micrometer accurate to ±0.01 mm, ultrasonically 

cleaned in ethanol for 6 minutes and then weighed before and after oxidation using a calibrated 

balance accurate to ±0.01 mg.  Alloy plates were placed in individual open alumina crucibles 

and oxidised for 1000 hours in a box furnace pre-heated to 800°C (temperature measured using 

a calibrated n-type thermocouple).  Specimens were subsequently air-cooled.  

4.2.4 Characterisation of oxides following TGA and box-furnace exposure at 800°C 

(i) Surface oxides: SEM-EDS point analysis and X-ray diffraction (XRD) 

For alloy specimens oxidised by TGA (800°C, 100 hours), the FEI Nova NanoSEM 

450 was used in SE mode to examine alloy specimen surfaces (accelerating voltage 5 kV) and 

SEM-EDS point analysis performed (accelerating voltage 15 kV) to acquire elemental 

composition data on surface oxide species present.  The FEI Nova NanoSEM 450 was used 

under similar conditions to examine alloy surfaces of the 5  5  1 mm specimens oxidised by 

box-furnace exposure (800°C, 1000 hours).  X-ray diffraction (XRD) was carried out on TGA-

oxidised (100 hours) and box furnace-oxidised (1000 hours) alloy specimens to identify surface 

oxide phases present.  A Bruker D8 Advance X-ray diffractometer was employed, operated at 

40 kV and 40 mA with Cu Kα radiation.  (A Ni filter of 0.012 mm thickness was added to 

attenuate the Cu Kβ signal).  Data were acquired over a range of 20°< 2θ <120°, with a step 

size of 0.03° and dwell time of 2 seconds.  As diffraction data were collected using a variable 

divergence slit to achieve a fixed irradiation length, DIFFRAC.EVA software [199] was 

employed to simulate a fixed divergence slit, corresponding to a constant effective irradiation 

volume.  The Inorganic Crystal Structure Database (ICSD) [200] was consulted to identify 
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individual phases from peaks in XRD traces.  Only the oxides that formed in the external scale 

were analysed by this method due to the limited penetration depth of the X-rays.   

(ii) Cross-sectional SEM-EDS analysis of TGA and box-furnace oxidised alloys (800°C) 

Cross-sections were obtained for all alloys oxidised at 800°C by mounting the specimen 

in conductive Bakelite, grinding using wet SiC abrasive paper (down to 2500 grit size) and 

polishing using a progressively finer diamond suspension (6 µm down to 0.25 µm).  Cross-

sectional oxide scale and sub-scale morphology were examined using the FEI Nova NanoSEM 

450 in back-scattered electron (BSE) mode to elucidate the effect of a systematic increase in 

Co content on alloy microstructure.   

For specimens oxidised by box-furnace exposure for 1000 hours, the FEI Nova 

NanoSEM 450 was used to generate ten BSE micrographs from which fifty measurements of 

oxide scale thickness were taken using ImageJ software.  Similarly, ten BSE micrographs were 

acquired to permit fifty measurements of depth of internal oxidation products using ImageJ 

software.  A ZEISS GeminiSEM 300 microscope equipped with an Oxford Aztec EDS system 

was then employed to generate SEM-EDS maps for each cross-sectioned alloy specimen under 

standardised conditions using 50 frames (accelerating voltage 15 kV).  For the 0Co and 47Co 

alloys, EDS linescans were also generated under standardised conditions using the same 

microscope and EDS system (100 passes).  The EDS system had been calibrated using a nickel 

strip prior to acquiring EDS maps and linescans.  

4.2.5 Use of larger specimens to measure mass gain and to elucidate oxidation behaviour 

(i) Specific mass gain, XRD and SEM surface analysis 

To elucidate the influence of increasing Co:Ni ratio on oxide morphology and mass 

gain as a result of oxidation, larger specimens (nominally 10  6  1 mm) were cut using a 

Secotom-10 cutting machine and then processed as for the 5  5  1 mm specimens for all 

seven alloy compositions prior to isothermal box-furnace oxidation.  All specimens were 

weighed before and after oxidation using a calibrated balance accurate to ±0.01 mg.  Each 

specimen was oxidised for 1000 hours in an open alumina crucible in a box furnace pre-heated 

to 800°C (temperature measured using a calibrated n-type thermocouple).  Following 

oxidation, specimens were air-cooled and XRD used to identify oxide phases present using the 

Bruker D8 Advance diffractometer with the same experimental parameters as before (section 
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4.2.4. i).  Oxide surfaces were examined under SE and BSE modes using the ZEISS 

GeminiSEM 300 microscope to assess surface morphology over a large area.   

(ii) Secondary ion mass spectrometry (SIMS) 

Secondary ion mass spectrometry (SIMS) was performed on the 10  6  1 mm 

specimens for the oxidised 19Co and 38Co alloys in order to verify the microstructural 

characteristics observed in EDS maps for the 5  5  1 mm specimens.  To generate a ramped 

section across the external oxides and internal oxidation products, an FEI FIB200 SIMS 

instrument equipped with a 69Ga+ primary ion source was used for milling an angle of 30° to 

the oxidised specimen surface.  A beam energy of 30 kV and a beam current of 330 pA were 

employed to acquire elemental concentration maps across the ramped sections.  The elements 

Al, Ti and Cr were detected by a quadrupole detector as positively charged secondary ions.  

For the oxidised 38Co alloy specimen, SIMS elemental count vs. time profiles were obtained 

from a surface region of approximately 25  25 µm using a beam current of 3325 pA. 

(iii) SEM examination and EDS linescans 

Cross-sections of the 10  6  1 mm oxidised alloy specimens were then prepared as 

for the 5  5  1 mm box-furnace oxidised specimens (section 4.2.4. ii) to assess the 

reproducibility of the oxide morphologies observed.  The ZEISS GeminiSEM 300 microscope 

was used in BSE mode for examining oxide scale and sub-scale morphology (accelerating 

voltage 15 kV).  EDS linescans were generated as before to provide elemental concentration 

profiles across the oxidation products for alloys 0Co, 19Co, 28Co, 38Co and 47Co. 

4.3 Results and Discussion 

For all seven model superalloys in their homogenised condition, SEM analysis 

indicated a γ-γʹ microstructure with no other phases apparent (Figure 4.1).  For each alloy, the 

grain size following homogenisation was of the order of millimetres and therefore too coarse 

for implementing conventional methods of grain size analysis. 
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Figure 4.1. Representative SE images of alloy γ-γ' microstructure following homogenisation heat 

treatment at 1250°C for 24 hours.  All alloys exhibited γ' precipitates embedded in a γ matrix with no 

other phases apparent.  An FEI Nova NanoSEM 450 microscope was used.  

4.3.1 Thermogravimetric analysis (800°C, 100 hours) 

(i) Specific mass gain vs. exposure time 

Figure 4.2 shows specific mass gain as a function of time during isothermal TGA 

oxidation (800°C, 100 hours) for each of the seven model superalloys tested.  The initial rate 

of specific mass gain appeared faster for higher Co alloys (28Co, 38Co, 47Co, 56Co) than for 

the 0Co, 9Co and 19Co alloys.  However, from Figure 4.2 and Table 4.2, there appeared no 

definitive correlation between final specific mass gain and Co:Ni ratio following 100 hours 

TGA oxidation.  To assess reaction kinetics, Igor Pro software was used to determine a value 

of n (Table 4.2) for each alloy composition according to Equation 4.1: 

         
∆𝑚

𝑆.𝐴.
= 𝐴 . 𝑡  

1

𝑛           Equation 4.1 

where Δm is mass change (mg), S.A. is initial surface area (cm2), t is time (s) and A is a constant.  

An n value of 2 would indicate a parabolic relationship between specific mass gain and time, 

as determined for the 9Co alloy (n = 2.0628).  The 47Co and 56Co alloys generated n values 

approaching n = 3, indicative of cubic kinetics and therefore the formation of a number of new 

oxide species is implied.  Alloys containing between 19 and 38 at.% Co generated n values 

between 2 and 3.  For each n value, Igor Pro software generated a low standard deviation (Table 

4.2).  To assess reproducibility of n values, an additional 19Co specimen was extracted from 

0.5 µm 

0Co 9Co 19Co 28Co 

38Co 47Co 56Co 
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the homogenised bar, prepared as before and subjected to TGA under the same conditions.  An 

n value of 2.1047 ± 0.0006 was derived for this specimen, indicating a difference of 0.2 in n 

values obtained from different specimens of the same alloy composition.  

Figure 4.2. TGA data obtained during isothermal oxidation (800°C, 100 hours) for alloys 0Co, 9Co, 

19Co, 28Co, 38Co, 47Co and 56Co.  Graph shows specific mass gain vs. exposure time. 
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Table 4.2. Specific mass gain obtained by weighing alloy specimens before and after TGA oxidation 

(800°C, 100 hours).  Also displayed are best-estimate values of n (Equation 4.1) generated using Igor 

Pro software for the TGA data shown in Figure 4.2. 

 

 

 

 

 

 

 

 

 

 

 

(ii) Surface oxide phases following TGA: SEM-EDS and XRD 

            Following TGA oxidation (800°C, 100 hours), all seven model superalloy surfaces 

were examined under SEM using SE mode (Figure 4.3).  The 0Co and 9Co alloys appeared to 

exhibit a relatively uniform granular oxide morphology, whereas higher Co alloys (19Co, 

28Co, 38Co and 47Co) appeared to differentiate two distinct types of surface morphology: 

areas observed as pale with relatively large grains and contrasting darker areas of apparently 

smaller grains, possibly indicating the presence of differing surface phases.  The 56Co alloy 

appeared to exhibit pale nodular areas on the oxidised specimen surface, subsequently 

identified by EDS point analysis as rich in Co (~44 at.%) and oxygen (~52 at.%), plausibly 

CoO and/or Co3O4.  The non-uniform surface morphology observed for alloys 19Co, 28Co, 

38Co, 47Co and 56Co following TGA suggests a more complex evolution of oxide scale phases 

than that observed for the 0Co and 9Co alloys.  

 

 

 

 

 

Alloy 
Specific mass gain after 

cooling (mg.cm-2) 

Best-estimate n value  

± standard deviation (σ) 

0Co 0.49 1.5891 ± 0.0006 

9Co 0.51 2.0628 ± 0.0012 

19Co 0.48 2.3295 ± 0.0007 

28Co 0.56 2.6611 ± 0.0012 

38Co 0.53 2.6367 ± 0.0012 

47Co 0.57 2.8450 ± 0.0017 

56Co 0.60 2.975 ± 0.004 
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Figure 4.3. SE micrographs of oxidised alloy specimen surfaces following TGA (800°C, 100 hours).  

Alloys 19Co and above exhibited pale areas and contrasting darker areas of apparently smaller grains.  

An FEI Nova NanoSEM 450 microscope was used. 

Table 4.3 and Figure 4.4 show elemental composition data associated with the two 

distinct surface morphologies observed for alloys 19Co, 28Co, 38Co, 47Co and 56Co, as 

indicated by SEM-EDS point analysis.  For alloy 19Co and alloys with higher Co content 

(Table 4.3), areas of pale morphology appeared associated with a combined (Ni+Co) content 

of ~44-49 at.% and an oxygen content of ~49-54 at.%, implying the presence of (Ni,Co)O.  Ni 

and Co are known to form a continuous range of solid solutions with NiO (lattice parameter, 

aNiO = 4.17 Å) and CoO (lattice parameter, aCoO = 4.25 Å) being isomorphous, producing a 

(Ni,Co)O solid solution of variable composition [201].  This (Ni,Co)O surface phase was 

subsequently identified by XRD analysis for alloys of 19Co and above (Table 4.4), and, from 

Figure 4.4, appeared to exist predominantly as a (Ni,Co)O for alloys 19Co, 28Co and 38Co, 

but as a (Co,Ni)O for the 47Co and 56Co alloys.  From Figure 4.4, the transition from (Ni,Co)O 

to (Co,Ni)O was identified as occurring at ~43 at.% Co.  The other elements Ti, Cr and Al 

appeared scarcely present in the pale areas of morphology i.e. their concentrations were too 

small to quantify accurately by SEM-EDS point analysis.  For the areas of dark morphology in 

alloys 19Co and above, the proportion of Co:Ni appeared to change as follows: 1:1 (19Co); 2:1 

(28Co); 2:1 (38Co); 3:1 (47Co) and 6:1 for the 56Co (Table 4.3).  These areas of dark 

morphology appeared to contain a relatively high proportion of Ti (~10–14 at.%) compared 

with the paler areas. 

    

   

 

5 µm 

0Co 9Co 19Co 28Co 

38Co 47Co 56Co 
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Table 4.3. Surface SEM-EDS point analysis data for alloys 19Co and above oxidised by TGA (800°C, 

100 hours) showing elemental composition (mean ± standard deviation σ) for pale and dark areas of 

morphology. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 4.4. Surface SEM-EDS point analysis data for alloys 19Co and above oxidised by TGA (800°C, 

100 hours) showing the effect of increasing Co on elemental composition of oxide surface morphologies 

(data from Table 4.3). 

Alloy Morphology 
Elemental composition (at.%) 

Ni ±σ Co ±σ O ±σ Ti ±σ 

19Co 
Pale 38 5 6.7 1.4 54 7 - - 

Dark 10.2 1.3 9.9 1.9 57 8 13 3 

28Co 
Pale 37 9 12 3 49 11 - - 

Dark 9.9 0.8 17 3 54 5 14 2 

38Co 
Pale 31 7 16 5 50 12 - - 

Dark 8.77 1.08 18 2 59 5 11.0 1.4 

47Co 
Pale 15 8 29 10 50 15 - - 

Dark 6.2 1.1 20 3 58 12 12 4 

56Co 
Nodule (pale) 2.5 0.7 44 13 52 14 - - 

Dark 3.7 0.7 25 3 60 3 10 4 
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From XRD data (Table 4.4), all alloys appeared to form Cr2O3 of corundum crystal 

structure, with rutile (TiO2) detected for all alloys except for the 56Co.  NiCr2O4/CoCr2O4 

spinel phases appeared present in all alloys except for the 0Co, although reference peaks for 

individual NiCr2O4 or CoCr2O4 phases occurred in close proximity such that experimental 

peaks could not be allocated definitively to either.  Similarly, NiTiO3/CoTiO3 phases appeared 

present in all alloys except for the 0Co, although reference peaks for individual NiTiO3 or 

CoTiO3 phases occurred in close proximity such that experimental peaks could not be allocated 

definitively to either.  The 47Co and 56Co alloys appeared to form Co3O4 spinel phase (Table 

4.4), although it may be noted that reference peaks for Co3O4 appeared to overlap with 

reference peaks corresponding to NiAl2O4, CoAl2O4 and NiCo2O4 spinel phases, such that the 

latter phases may also be present.  Overall, XRD analysis of alloy oxide surfaces detected an 

increased number of phases with increasing Co:Ni ratio (Table 4.4), consistent with the higher 

n values generated for the higher Co alloys (Table 4.2). 

Table 4.4. Surface oxide phases as indicated by XRD data for TGA-oxidised alloys (800°C, 100 hours).  

For each of the seven alloy compositions, the underlying γ-Ni/Co matrix phase was also detected.  The 

Co content for which (Ni,Co)O transitions to (Co,Ni)O was deduced from Figure 4.4 to be ~43 at.%. 

 

 

 

 

Alloy Phases identified by XRD after TGA oxidation (800°C, 100 hours) 

0Co Cr2O3 TiO2 - - - - 

9Co Cr2O3 TiO2 NiCr2O4/CoCr2O4 NiTiO3/CoTiO3 - - 

19Co Cr2O3 TiO2 NiCr2O4/CoCr2O4 NiTiO3/CoTiO3 (Ni,Co)O - 

28Co Cr2O3 TiO2 NiCr2O4/CoCr2O4 NiTiO3/CoTiO3 (Ni,Co)O - 

38Co Cr2O3 TiO2 NiCr2O4/CoCr2O4 NiTiO3/CoTiO3 (Ni,Co)O - 

47Co Cr2O3 TiO2 NiCr2O4/CoCr2O4 NiTiO3/CoTiO3 (Co,Ni)O Co3O4 

56Co Cr2O3 - NiCr2O4/CoCr2O4 NiTiO3/CoTiO3 (Co,Ni)O Co3O4 
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4.3.2 SEM-BSE cross-sectional analysis following TGA and box-furnace oxidation (800°C) 

Figure 4.5 shows representative cross-sectional SEM-BSE micrographs of typical oxide 

morphologies for all seven alloy compositions following isothermal oxidation at 800°C: a) 

TGA for 100 hours; b) box-furnace oxidation for 1000 hours.  For both oxidation methods, an 

external oxide scale could be observed overlying a zone of irregular intrusions penetrating 

toward the alloy interior.  This was the case for all seven alloy compositions tested.  However, 

the 47Co alloy exhibited a second type of morphology within the same alloy specimen oxidised 

for 1000 hours.  These two distinct types of morphology for the 47Co were denoted Type I or 

Type II for the purpose of this study (Figure 4.5b).  The 47Co Type I morphology resembled 

that observed for the 38Co in exhibiting distinct relatively thin, flat strata within a compact 

oxide scale, overlying a zone of conspicuous oxidation products projecting into the alloy 

interior.  In contrast, the Type II 47Co morphology exhibited a relatively thick, undulating 

oxide scale of porous appearance, as observed for the lower Co alloys (0Co, 9Co, 19Co and 

28Co).  Significantly, the 47Co Type II morphology additionally showed what appeared to be 

a dense sub-scale, seen as dark on BSE micrographs, overlying a region apparently devoid of 

internal protrusions.  The 38Co, 47Co Type I and 56Co oxide scales appeared to be thinner 

than those of the 0Co, 9Co, 19Co, 28Co and 47Co Type II morphologies following 1000 hours 

oxidation.  For all alloy morphologies other than 47Co Type II, internal phases elicited by 

oxidation were observed as irregular intrusions penetrating the alloy interior.    
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Figure 4.5. Cross-sectional SEM-BSE micrographs showing typical oxide morphologies following 

isothermal oxidation at 800°C: a) TGA (100 hours); b) box-furnace oxidation (1000 hours, 5  5  1 

mm specimens).  An FEI Nova NanoSEM 450 microscope was used.  Scale bar applies to (a) and (b). 
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4.3.3 SEM-EDS cross-sectional analysis following box-furnace oxidation (800°C, 1000 hours) 

(i) EDS maps for all seven alloy compositions 

Figure 4.6 and Figure 4.7 show cross-sectional SEM-BSE micrographs and 

corresponding elemental concentration maps for all seven model superalloys following 

isothermal box-furnace oxidation (800°C, 1000 hours).  The EDS maps indicate the distribution 

of Co, Ni, Al, Ti, Cr, O and N in the oxide scale and alloy interior.  A lower magnification than 

that of Figure 4.5 was selected to highlight the extent of internal penetration of oxidation 

products. 

For the alloys of relatively low Co content (0Co, 9Co, 19Co and 28Co; Figure 4.6), the 

relatively thick, undulating oxide scale produced appeared to comprise a Cr- and O-rich layer, 

plausibly Cr2O3, beneath an outer layer rich in Ti with associated oxygen, plausibly rutile.  All 

four alloy compositions exhibited, beneath the layer assumed to be Cr2O3, a layer rich in Al 

with associated oxygen, putatively an Al2O3 sub-scale.  Penetrating deeper into the alloy 

interior appeared internal oxidation products, indicative of Al2O3 and titanium nitride.  The 

28Co alloy appeared to show a more distinct Al- and O-rich sub-scale, with less internal Ti 

enrichment compared with the lower Co alloys.  Additionally, for the 28Co alloy, there 

appeared to be less oxygen and nitrogen ingress into the alloy interior than was observed for 

the lower Co alloys (note the higher magnification for the 28Co alloy).  

Figure 4.7 shows the oxide scales observed for alloys of relatively high Co content 

(38Co, 47Co and 56Co) following 1000 hours box-furnace oxidation at 800°C.  The 38Co, 

47Co and 56Co oxide morphologies appeared to exhibit distinct layers within the external scale 

(as in Figure 4.5b), with a well-defined Cr- and O-rich layer, indicative of a continuous Cr2O3 

scale.  All three high Co specimens (38Co, 47Co and 56Co) appeared to demonstrate a more 

compact Cr2O3 scale and a marked reduction in oxygen ingress into the alloy compared with 

the lower Co alloys.  The two distinct types of oxide morphology for the 47Co alloy specimen 

(Type I and Type II) are evident in Figure 4.7.  Whilst each of the high Co alloys (38Co, 47Co 

and 56Co) appeared to exhibit a sub-scale rich in Al and O, indicative of Al2O3, this sub-scale 

appeared more distinct and compact for the 47Co Type II morphology and was associated with 

a paucity of conspicuous internal oxidation products.  The internal Al- and Ti-rich projections 

evident in the 38Co, 47Co Type I and 56Co alloy morphologies did not appear associated with 

oxygen but rather with nitrogen, indicating the presence of nitrides of Al and Ti (Figure 4.7).  
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Figure 4.6. Cross-sectional SEM-BSE micrographs and corresponding EDS elemental concentration 

maps for 0Co, 9Co, 19Co and 28Co following isothermal box-furnace oxidation (800°C, 1000 hours).  

A ZEISS GeminiSEM 300 microscope was used (5  5  1 mm specimens).  Note differing scale bars.  
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Figure 4.7. Cross-sectional SEM-BSE micrographs and corresponding EDS elemental concentration 

maps for 38Co, 47Co and 56Co following isothermal box-furnace oxidation (800°C, 1000 hours).  A 

ZEISS GeminiSEM 300 microscope was used (5  5  1 mm specimens).  Note differing scale bars.  
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With respect to the oxide scale, the 38Co, 47Co Type I and 56Co morphologies 

appeared to exhibit less surface Ti enrichment than was observed in the 0Co, 9Co, 19Co and 

28Co alloys, but a more well-defined surface Co- and Ni-rich layer with some associated 

oxygen (Figure 4.7).  In contrast, the 47Co Type II morphology appeared to show extensive Ti 

enrichment of the scale surface with some associated oxygen.  The micrographs of the 47Co 

Type II morphology and 56Co alloy indicated the presence of a more undulating Cr2O3 scale 

than was observed for the 47Co Type I morphology or 38Co, which both demonstrated a 

relatively flat oxide scale and Cr-rich layer (Figure 4.7). 

(ii) Measurements of oxide scale thickness and depth of internal oxidation/nitridation products 

Figure 4.8 shows measurements taken following 1000 hours box-furnace oxidation at 

800°C: a) oxide scale thickness and b) depth of internal oxidation/nitridation products.  The 

38Co, 47Co Type I and 56Co oxide scales were found to be thinner than the oxide scales of 

the 0Co, 9Co, 19Co, 28Co and 47Co Type II morphologies (consistent with Figure 4.5b).  The 

28Co, 38Co, 47Co Type I and 56Co morphologies exhibited a lesser depth of internal 

oxidation/nitridation products than observed for alloys of lower Co content (Figure 4.8b).  The 

38Co alloy demonstrated a lesser depth of internal oxidation/nitridation products than the 28Co 

alloy.  
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Figure 4.8. Measurements derived using ImageJ software from BSE micrographs of oxidised alloy 

cross-sections (800°C, 1000 hours): a) external oxide scale thickness; b) depth of internal 

oxidation/nitridation products (5  5  1 mm specimens).   

(a) 

(b) 
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(iii) EDS linescans to elucidate the 47Co Type II oxidation morphology 

To investigate further the microstructural characteristics associated with the 47Co Type 

II morphology, a linescan was performed on an area of this Type II morphology and compared 

with the 0Co microstructure (5  5  1 mm specimens).  Figure 4.9 shows SEM-EDS linescans 

generated for a) 0Co and b) 47Co Type II morphologies following 1000 hours box-furnace 

oxidation at 800°C.  Whereas the 0Co alloy BSE micrograph clearly demonstrates internal 

projections (Figure 4.9a), the 47Co Type II morphology exhibits an obvious dense (dark) sub-

scale on the BSE micrograph and a paucity of internal projections (Figure 4.9b).  The elemental 

concentration profiles obtained for both the 0Co and 47Co Type II morphologies indicate the 

presence of a Ti-rich outer layer on the external scale.  For both morphologies, the underlying 

layer was identified as Cr- and O-rich, indicative of Cr2O3.  For the 47Co Type II morphology, 

the high intensity Al peak beneath the Cr-rich layer (recorded at an x-axis value of ~23 µm) 

was associated with the presence of oxygen, indicative of an Al2O3 sub-scale.  This putative 

Al2O3 sub-scale appears protective against further oxidation, as suggested by the apparent lack 

of internal oxides or nitrides.  Beneath this Al-rich sub-scale, a γ'-depleted zone appeared 

present, as indicated by the predominantly low Al and Ti in the x-axis range 25-48 µm.  Of 

particular interest are two regions at 41-45 µm and 48-51 µm that indicate a relative 

enhancement of Ni, Ti and Al (and associated depletion in Co and Cr) compared with the 

plateau region extending internally from 51 µm, which may represent the start of the γ/γ' zone.  

This Ni-, Ti-, Al-rich sub-surface phase, of unknown crystal structure, appears unlikely to be 

η-Ni3Ti as the ternary Ni-Ti-Al phase diagram for 800°C [84] (Figure 1.13) indicates that η-

Ni3Ti has negligible solubility for Al.  It may transpire that this sub-surface phase is L12 γ' that 

has coarsened during oxidation.  
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Figure 4.9. Representative SEM-BSE micrograph and corresponding EDS linescan following alloy 

oxidation (800°C, 1000 hours): a) 0Co showing abundance of internal oxidation products; b) 47Co Type 

II morphology showing a high intensity Al peak and minimal internal oxidation products.  A ZEISS 

GeminiSEM 300 microscope was used (5  5  1 mm specimens). 

b) 47Co Type II 

a) 0Co 
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4.3.4 XRD of alloy surfaces following box-furnace oxidation (800°C, 1000 hours) 

Figure 4.10 shows the surface phases detected by XRD for the 28Co, 38Co, 47Co and 

56Co alloys oxidised at 800°C for 1000 hours, together with micrographs (SE mode) showing 

the oxidised specimen surfaces.  As observed for the TGA-oxidised alloys shown in Figure 4.3, 

surface micrographs for the 28Co, 38Co and 47Co alloys differentiated two distinct surface 

morphologies and the 56Co alloy exhibited surface nodules (Figure 4.10).  EDS point analysis 

indicated that these surface nodules were rich in O (~57 at.%) and Co (~39 at.%). 

As with the TGA XRD data shown in Table 4.4, all seven model superalloy 

compositions appeared to be Cr2O3-formers and overall, more phases could be detected as 

Co:Ni ratio increased (Table 4.5).  From Table 4.5, it is clear that the XRD data for the 1000-

hour oxidation closely corroborated the TGA XRD data with respect to the phases produced.  

However, no NiTiO3/CoTiO3 phase was detected in the 9Co alloy following 1000 hours 

oxidation and no TiO2 was detected in the 47Co alloy, in contrast to the corresponding TGA-

oxidised alloys.  The principal peak for rutile occurs at a peak position, 2θ, of ~27° (ICSD 

record number 9161) and this peak was not detected in the XRD trace for 47Co (1000 hours).  

For the 56Co alloy, TiO2 was detected following 1000 hours oxidation, whereas TiO2 was not 

detected for the 100-hour TGA-oxidised 56Co alloy.  XRD data (Table 4.5) therefore indicate 

the presence of rutile in all but the 47Co alloy and the presence of NiTiO3/CoTiO3 in alloys 

19Co and above.  In light of this, the high-intensity surface Ti evident in the 0Co, 9Co, 19Co 

and 28Co alloys (Figure 4.6) appears likely to exist predominantly as rutile, whereas the lower 

intensity surface Ti observed in the 38Co, 47Co Type I and 56Co morphologies (Figure 4.7) 

appears likely to exist predominantly as NiTiO3/CoTiO3, as indicated by the presence of a well-

pronounced Ni- and Co-rich surface layer in these higher Co alloys. 
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Figure 4.10. XRD traces for alloys 28Co, 38Co, 47Co and 56Co following isothermal box-furnace 

oxidation (800°C, 1000 hours, 5  5  1 mm specimens).  The key indicates phases and ICSD reference 

codes (peak identification: 20°< 2θ <120°).  Insets show SE images of the oxidised specimen surfaces. 
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Figure 4.10. Continued.  
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Table 4.5. Surface oxide phases detected by XRD for all seven alloys oxidised by box-furnace exposure 

(800°C, 1000 hours).  The underlying γ-Ni/Co matrix phase was detected for all seven alloy 

compositions (5  5  1 mm specimens).  Data corroborate 100-hour TGA XRD data (Table 4.4) except 

for phases shown in italics.   

 

 

* Indicated as present in TGA-oxidised alloys only (100 hours) 

Ɨ Indicated as present in box furnace-oxidised alloys only (1000 hours) 

4.3.5 Use of larger specimens to measure mass gain and to elucidate oxidation behaviour 

Specimens of larger surface area (10  6  1 mm) were employed for accurate 

assessment of specific mass gain and to determine reproducibility of oxide morphologies, in 

particular for the 47Co Types I and II.  SEM-EDS linescans and BSE micrographs were 

obtained for the 0Co, 19Co, 28Co, 38Co and 47Co alloys following 1000 hours oxidation at 

800°C.  SIMS elemental concentration maps were generated on the 19Co and 38Co alloys (10 

 6  1 mm specimens) to corroborate the EDS data shown in Figure 4.6 and Figure 4.7 for the 

smaller (5  5  1 mm) specimens.  In addition, a SIMS count vs. time profile was obtained on 

the 38Co alloy to provide precise chemical analysis of any thin surface oxide layers present, as 

the 38Co alloy exhibited a uniformly flat, compact Cr2O3 scale (Figure 4.7). 

Alloy Phases identified by XRD after box-furnace oxidation (800°C, 1000 hours) 

0Co Cr2O3 TiO2 - - - - 

9Co Cr2O3 TiO2 NiCr2O4/CoCr2O4 NiTiO3/CoTiO3 * - - 

19Co Cr2O3 TiO2 NiCr2O4/CoCr2O4 NiTiO3/CoTiO3 NiO/CoO - 

28Co Cr2O3 TiO2 NiCr2O4/CoCr2O4 NiTiO3/CoTiO3 NiO/CoO - 

38Co Cr2O3 TiO2 NiCr2O4/CoCr2O4 NiTiO3/CoTiO3 NiO/CoO - 

47Co Cr2O3 TiO2 * NiCr2O4/CoCr2O4 NiTiO3/CoTiO3 NiO/CoO Co3O4 

56Co Cr2O3 TiO2 
Ɨ NiCr2O4/CoCr2O4 NiTiO3/CoTiO3 NiO/CoO Co3O4 
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(i) Specific mass gain and oxide surface analysis 

To assess the influence of increasing Co:Ni ratio on specific mass gain as accurately as 

possible, larger specimens (10  6  1 mm) were cut from all seven homogenised alloy bars 

and processed as for the smaller specimens (5  5  1 mm) prior to isothermal box-furnace 

oxidation (800°C, 1000 hours).  Specific mass gain data on these larger specimens showed no 

definitive correlation with alloy Co content (Figure 4.11a).  The specific mass gain recorded 

as a result of oxidation was ~1.1 mg.cm-2 for alloys 0Co, 9Co, 19Co, 28Co, 38Co and 47Co.  

However, alloy 56Co exhibited a specific mass gain of ~1.6 mg.cm-2, notably higher than that 

of the other alloy compositions tested.  To investigate this apparent disparity, an additional 10 

 6  1 mm specimen was cut, processed and oxidised for each of the higher Co alloys (38Co, 

47Co and 56Co).  Specific mass gain values for the three repeat specimens were consistent 

with the values obtained previously for alloys 0-47Co inclusive (Figure 4.11a).  The high 

specific mass gain recorded for the first 10  6  1 mm 56Co alloy specimen (closed circle, 

Figure 4.11a) may result from the thick, undulating, pumice-like oxide scale observed (Figure 

4.11b).  This surface appearance contrasts with the discrete nodules observed for the 56Co 

specimens of Figure 4.3 and Figure 4.10.  EDS point analysis indicated that the 56Co alloy of 

Figure 4.11b contained high levels of Co (~42 at.%) and O (~53 at.%), suggesting the presence 

of cobalt oxides.  XRD data (not shown) for this 56Co specimen displayed peaks corresponding 

solely to CoO/NiO, a spinel phase (plausibly Co3O4 given the EDS data) and 

CoCr2O4/NiCr2O4, suggesting that this surface oxide layer may have precluded further 

penetration of X-rays toward the alloy interior.  From Figure 4.11, there appeared no 

discernible correlation between specific mass gain following 1000 hours box-furnace oxidation 

at 800°C and alloy Co content, corroborating mass gain data obtained following TGA.  This 

lack of obvious correlation between specific mass gain and Ni:Co ratio is not unexpected for 

an oxidation process involving formation of multiple oxide species. 
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Figure 4.11. a) Specific mass gain vs. alloy Co content from weighing specimens before and after 

isothermal box-furnace oxidation (800°C, 1000 hours); b) SE micrograph of the oxidised 56Co surface 

(10  6  1 mm specimen) showing high specific mass gain (closed circle). 

 

(a) 

(b) 

56Co 
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(ii) SEM-EDS linescans to elucidate the morphology of oxidised 47Co and 38Co alloys 

To confirm the reproducibility of the Type I and Type II oxidation morphologies for 

the 47Co alloy and to investigate whether the 38Co alloy also exhibited two distinct 

morphologies, SEM-BSE micrographs and EDS linescans were obtained for these 10  6  1 

mm alloy specimens oxidised for 1000 hours at 800°C (Figure 4.12).  The 47Co specimen 

investigated here displayed both Type I and Type II oxidation morphologies within the same 

specimen, confirming the reproducibility of the microstructural characteristics observed for the 

5  5  1 mm 47Co specimen (Figure 4.5b and Figure 4.7).  As with the smaller 47Co specimen 

linescan (Figure 4.9b), the morphology denoted Type II in this larger 47Co specimen (Figure 

4.12a) implies the presence of a dense Al2O3 sub-scale (shown as dark on the BSE micrograph) 

and an apparent lack of internal projections.  Islands of relatively high Ni, Ti and Al intensity 

and low Co and Cr intensity were observed external to the main bulk of the γ/γ' in this larger 

47Co alloy specimen in areas exhibiting Type II morphology (at 20-22 µm, Figure 4.12a) or 

Type I morphology (at 23-24.5 µm, Figure 4.12b).  Importantly, the 38Co alloy appeared to 

exhibit only one type of morphology throughout the alloy specimen (Figure 4.12c).  As with 

the 47Co alloy (Type I and Type II morphologies), the 38Co alloy also displayed the 

unidentified Ni-, Ti- and Al-rich phase within what appeared to be a γ'-depleted zone.  The 

47Co Type II morphology (Figure 4.12a) exhibited a more compact oxide scale and Cr-rich 

layer than was observed for the 5  5  1 mm specimen (Figure 4.9b) and was more akin to the 

38Co and 47Co Type I morphologies with respect to the external scale.  Extensive SEM 

examination of the 38Co alloy cross-section revealed a uniform, flat and compact Cr-rich scale 

throughout.  XRD analysis (not shown) on these 10  6  1 mm specimens confirmed the 

presence of Cr2O3 in alloys 0Co, 9Co, 19Co, 28Co, 38Co and 47Co.  The 38Co alloy (Figure 

4.12c) exhibited extended depletion of Cr (dark blue, at 8–30 µm on the x-axis) beneath the 

Cr2O3 layer, as may be expected with significant chromia formation.   
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Figure 4.12. Representative SEM-BSE micrograph and corresponding EDS linescan following alloy 

oxidation (800°C, 1000 hours): a) 47Co Type II morphology showing dense Al- and O-rich sub-scale; 

b) 47Co Type I morphology; c) 38Co.  (b) and (c) exhibit a compact, well-defined Cr- and O-rich layer 

within the oxide scale.  A ZEISS GeminiSEM 300 microscope was used (10  6  1 mm specimens). 

b) 47Co Type I 

a) 47Co Type II 
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Figure 4.12. Continued.  

The differing Type I and Type II morphologies of the 47Co alloy may be related to the 

differing crystal structures of the metastable Al2O3 phases compared with the stable α-Al2O3 

phase, as described by Birks et al. [73].  The metastable γ-, δ- and θ-Al2O3 polymorphs 

reportedly exhibit cubic spinel, tetragonal and monoclinic structures respectively, whereas α-

Al2O3 exhibits a rhombohedral crystal structure comprising hexagonally close-packed oxide 

anions with cations occupying two thirds of octahedral interstitial sites [73].  The α-Al2O3 

phase reportedly develops as a dense layer, whereas the metastable polymorphs reportedly form 

as whiskers or blades [198].  The differing crystal structures and morphologies of the various 

alumina phases reportedly contribute to their differential growth rates and, as mentioned in 

section 4.1, transformation from the metastable aluminas to the α-Al2O3 at temperatures lower 

than 1200°C is readily influenced by the presence of other species such as Cr [198].  As 

mentioned, Cr is known to accelerate transformation of θ-Al2O3 to α-Al2O3 by initial formation 

of chromia, which is isotypic with α-Al2O3 providing sites for α-Al2O3 nucleation [73, 198]. 

As described in Chapter 2, a systematic study of the effect of Ni:Co ratio on elemental 

partitioning for the same series of alloys aged at 800°C for 1000 hours was carried out.  The 

47Co alloy elicited maximal preferential partitioning of Ni to the γ' phase and substantial 

c) 38Co 
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partitioning of Cr to the γ' phase, associated with a relatively high Al concentration in the γ 

phase (3.09 at.%) compared with lower Co alloys.  It is plausible, therefore, that development 

of the 47Co Type II morphology (dense alumina sub-scale and lack of internal oxidation 

products) observed in the present study may be related to the role of Co in influencing elemental 

phase partitioning as described in Chapter 2 for this alloy composition at 800°C.  However, it 

is difficult to correlate directly the elemental partitioning data derived from ageing the alloys 

for 1000 hours at 800°C in an argon atmosphere (Chapter 2) to the present study, which 

involved continual evolution of an external oxide scale over the 1000-hour oxidation period at 

800°C and concomitant changes in sub-surface composition. 

(iii) Secondary ion mass spectrometry (SIMS) on 38Co and 19Co alloys 

As the 38Co alloy exhibited a consistently flatter, more compact oxide scale and Cr2O3 

layer than the lower Co alloys or the 47Co and 56Co alloys (Figure 4.5b, Figure 4.7, Figure 

4.8a), SIMS was performed on the 38Co alloy to provide precise chemical analysis of any thin 

surface oxide layers present.  Figure 4.13a shows SIMS elemental count vs. time profiles 

obtained for the 38Co alloy following oxidation for 1000 hours at 800°C to assess how the 

profiles for Al and Ti vary in relation to that of the chromia scale (shown in Figure 4.13a as a 

blue plateau).  On sputtering down through the external oxide scale, the Cr-rich layer appeared 

most dense between 15 and 60 minutes after initiating sputtering.  Ti abundance decreased as 

the Cr-rich layer became apparent.  The presence of surface Ti in this 38Co specimen as 

indicated by the SIMS count vs. time profile is consistent with the evidence of surface Ti 

apparent on the 38Co EDS map for the smaller (5  5  1 mm) specimen (Figure 4.7).  The 

aluminium profile observed in Figure 4.13a exhibited a small peak on initial sputtering, 

indicating the presence of an Al-rich surface layer not easily discernible in the 38Co EDS map 

(Figure 4.7), but apparent in the 19Co and 28Co EDS maps (Figure 4.6).  This small initial 

peak in Al counts preceded a much larger Al peak, indicative of an Al2O3 sub-scale beneath 

the Cr-rich layer (Figure 4.13a).  Figure 4.13b shows an SE micrograph of the crater produced 

following sputtering to a depth of ~10 µm, exposing pillars resistant to sputtering, plausibly a 

discontinuous Al2O3 sub-scale.   
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Figure 4.13. SIMS for the oxidised (800°C, 1000 hours) 38Co alloy: a) elemental count vs. time 

profiles; b) SE micrograph (tilt 45°) showing crater produced following sputtering of the oxidised 

surface to obtain (a).  Pillars in (b) may correspond to regions of Al2O3 sub-scale (10  6  1 mm 

specimen).  

(b) 

(a) 

Toward alloy interior 
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Figure 4.14 shows SE micrographs of ramps made to a maximum vertical depth of ~17 

µm in the 38Co alloy and in the 19Co alloy for comparison, following oxidation at 800°C for 

1000 hours.  Also displayed are SIMS elemental concentration maps showing the distribution 

of O, Ti, Cr and Al in the alloy sub-surface.  Both alloy compositions appear to exhibit a 

continuous Cr2O3 scale and a discontinuous Al2O3 sub-scale.  As noted previously, the presence 

of this Cr2O3 scale in the 38Co and 19Co alloys was confirmed by XRD analysis on these larger 

(10  6  1 mm) specimens.  The 38Co alloy appears to demonstrate less oxygen penetration 

into the alloy interior compared with the 19Co alloy, consistent with EDS maps obtained for 

the smaller specimens (Figure 4.6 and Figure 4.7).  The 19Co alloy appears to indicate 

extensive precipitation of Al2O3 beneath the Cr2O3 scale (Figure 4.14b), consistent with EDS 

maps obtained for the smaller (5  5  1 mm) 19Co specimen (Figure 4.6).  (Rectangular 

troughs seen in Figure 4.14a indicate areas where SIMS depth profiles (not shown) had been 

acquired previously). 
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Figure 4.14. SE micrograph and SIMS elemental concentration maps for O, Ti, Cr and Al following 

alloy oxidation (800°C, 1000 hours): a) 38Co; b) 19Co.  Both alloy compositions appeared to exhibit a 

continuous Cr2O3 scale and a discontinuous Al2O3 sub-scale (10  6  1 mm specimens).   
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(iv) SEM-EDS linescans to elucidate the morphology of oxidised 19Co and 28Co alloys 

As the 28Co alloy exhibited microstructural features similar to those of the 47Co Type 

II morphology in terms of the distinct Al- and O-rich sub-scale and limited nitrogen and oxygen 

ingress into the alloy interior (Figure 4.6 and Figure 4.7), EDS linescans were obtained on the 

10  6  1 mm specimens to compare the 28Co alloy with the 19Co and 0Co alloys.  Figure 

4.15 shows representative BSE micrographs and corresponding EDS linescans for alloys 0Co, 

19Co and 28Co following isothermal box-furnace oxidation at 800°C for 1000 hours.  The 0Co 

and 19Co specimens both demonstrated a similar undulating, porous-looking external scale to 

those seen in Figure 4.5b, Figure 4.6 and Figure 4.9a for these alloy compositions and internal 

oxidation products were clearly visible.  The 28Co alloy appeared to exhibit a more compact, 

uniform Cr2O3 layer (Figure 4.15c) compared with the 0Co and 19Co alloys (Figure 4.15a, b) 

in contrast to the thick porous-looking scale observed in the smaller 28Co specimen (Figure 

4.5b and Figure 4.6).  Indeed, from Figure 4.15c, the larger 28Co specimen (10  6  1 mm) 

displayed the relatively thin, dense and well-defined external scale and Cr2O3 layer 

characteristic of the 38Co alloy (Figure 4.5b, Figure 4.7 and Figure 4.12c) and desirable for 

good oxidation resistance.   
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Figure 4.15. Representative SEM-BSE micrograph and corresponding EDS linescan following alloy 

oxidation (800°C, 1000 hours): a) 0Co; b) 19Co; c) 28Co.  The 28Co alloy exhibits a compact, well-

defined Cr- and O-rich layer within the oxide scale, as seen for the 38Co alloy and 47Co Type I 

morphology (Figure 4.12).  A ZEISS GeminiSEM 300 microscope was used (10  6  1 mm 

specimens). 

a) 0Co 

b) 19Co 
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Figure 4.15. Continued. 

4.4 Conclusions 

• From 100 hours TGA at 800°C, the kinetics of oxide scale growth appeared to indicate 

a parabolic relationship between specific mass gain and time for the 9Co alloy (n = 

2.0628), whereas the 47Co and 56Co alloys generated n values approaching n = 3, 

indicative of cubic kinetics and therefore of the formation of a number of new oxide 

species.  

• XRD data on the 1000-hour box-furnace oxidised specimens (5  5  1 mm) closely 

corroborated XRD data on the 100-hour TGA exposures and confirmed the presence of 

Cr2O3 for all seven alloy compositions.  An increasing number of surface phases was 

detected as Co:Ni ratio increased. 

• Following 100 hours or 1000 hours oxidation at 800°C, SEM-BSE examination 

revealed the presence of an external oxide scale overlying a zone of irregular oxidation 

products in all seven alloy compositions. 

• However, the 47Co alloy elicited two distinct morphologies following 1000 hours 

oxidation at 800°C: Type I resembling the 38Co alloy with thin, flat strata within a 

compact scale overlying a zone of conspicuous oxidation products; in contrast, Type II 

c) 28Co 
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exhibited a paucity of internal oxidation products beneath what appeared to be a dense 

Al2O3 sub-scale.  This effect was found to be reproducible on oxidation of a larger 47Co 

alloy specimen (10  6  1 mm), as mentioned below.  

• SEM-EDS maps of alloys 0Co, 9Co, 19Co and 28Co (5  5  1 mm specimens) 

following 1000 hours oxidation at 800°C revealed a thick, undulating external scale 

comprising a Ti-rich surface layer above a putative Cr2O3 layer overlying a sub-scale 

rich in Al and associated O.  This putative Al2O3 sub-scale appeared more distinct in 

the 28Co alloy, which displayed less oxygen and nitrogen ingress into the alloy interior 

than alloys of lower Co content. 

• SEM-EDS maps of the 38Co, 47Co Type I and 56Co morphologies taken following 

1000 hours oxidation at 800°C revealed distinct layers within a compact external scale, 

putatively a continuous Cr2O3 layer beneath an outer layer comprising oxides rich in 

Co, Ni and Ti.  A reduction in oxygen ingress was observed for these higher Co alloys 

compared with the lower Co alloys, with the 38Co, 47Co Type I and 56Co 

morphologies exhibiting internal Al- and Ti-rich projections apparently associated with 

nitrogen.  

• SEM cross-sectional analysis of larger alloy specimens (10  6  1 mm) oxidised for 

1000 hours at 800°C confirmed the evolution of Type I and Type II morphologies 

within a single 47Co specimen and confirmed the presence of only one type of 

microstructure for the 38Co alloy. 

• SEM cross-sectional analysis of the 28Co alloy (10  6  1 mm specimen) revealed a 

consistently compact, well-defined external scale, characteristic of the 38Co alloy.  This 

contrasts with the thick, undulating scale observed for the smaller (5  5  1 mm) 28Co 

specimen.  An EDS linescan for the 10  6  1 mm 28Co specimen showed a well-

defined Cr- and O-rich layer within the compact external scale, as observed for the 

38Co alloy. 

• A SIMS depth profile and elemental concentration maps for the 38Co alloy (10  6  1 

mm specimen) oxidised for 1000 hours at 800°C indicated the presence of a 

discontinuous Al2O3 sub-scale beneath the well-defined Cr2O3 layer. 

• Thus, the 28Co, 38Co and 47Co alloys were observed to elicit a flat, compact, well-

defined external scale and Cr2O3 layer with minimal oxygen ingress following 1000 

hours oxidation at 800°C.  The presence of an Al2O3 sub-scale in the 28Co, 38Co and 

47Co alloys suggests that manipulating the aluminium content within this Co 
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concentration range to facilitate formation of a continuous Al2O3 sub-scale may 

enhance oxidation resistance and resistance to fatigue crack initiation by precluding 

both oxygen and nitrogen ingress. 
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5. Effect of Co:Ni Ratio on Microstructure and Properties of Ni-Co-5Al-5Ti-

15Cr-3W (at.%) alloys 

The influence of 3 at.% W addition to the base alloy Ni-Co-5Al-5Ti-15Cr (at.%) system was 

investigated by examining the effect of a systematic increase in Co:Ni ratio on the resultant 

microstructure and critical properties.  3 at.% W was substituted for an equiatomic ratio of Ni 

and Co to fabricate a series of six alloys of composition (Ni,Co)72Al5Ti5Cr15W3 (at.%), denoted 

0Co-3W, 17Co-3W, 27Co-3W, 36Co-3W, 45Co-3W and 55Co-3W.  Alloys were 

homogenised at 1250°C and subsequently aged for 1000 hours at 800°C.  For alloys with 3 

at.% W added, values of γ' solvus temperature were consistently higher than corresponding 

values for the W-free alloys but followed the same trend of decreasing γ' solvus temperature 

with increasing Co:Ni ratio.  Addition of 3 at.% W increased mass density from ~8.1 g.cm-3 

for the W-free Ni-Co-5Al-5Ti-15Cr (at.%) alloy series to ~8.5 g.cm-3 for the alloy series 

containing 3 at.% W.  The alloy of composition Ni-17Co-5Al-5Ti-15Cr-3W (at.%) exhibited a 

combination of high γ′ solvus temperature (1143°C) and high Vickers microhardness (~424 

HV).  Alloy Ni-27Co-5Al-5Ti-15Cr-3W displayed a relatively high γ′ solvus temperature 

(1122°C) and a Vickers microhardness of ~436 HV.  

5.1 Introduction 

First reported by Lee, 1971 [2], γ-γ′ two phase alloys based on the ternary Co-Al-W 

system and strengthened by ordered L12 γ' precipitates of Co3(Al,W) have been extensively 

investigated in recent years.  Renewed interest in these alloys was triggered by a report by Sato 

et al., 2006 [120] who observed an A1-L12 two-phase microstructure in the Co-9Al-7.5W 

(at.%) alloy aged at 900°C for 72 hours (section 1.2.1).  Alloys based on the Co-Al-W system 

reportedly exhibit higher solidus and liquidus temperatures than conventional Ni-based 

superalloys and display less segregation during solidification [202].   

Although the γ′-Co3(Al,W) phase in the Co-Al-W system is reportedly metastable at 

900°C following extended ageing [121], Ta, Ti, Nb and high concentrations of Ni are 

efficacious in stabilising the γ′-Co3(Al,W) phase and raising γ′ solvus temperature, as reflected 

in the preferential partitioning of these elements to the L12-γ′ phase (section 1.2.2).  In contrast, 

addition of 20 at.% Cr reportedly decreased γ′ solvus temperature by >100°C in the Co-Al-W 

system, destabilising the γ′ phase (section 1.2.2).  This is an important consideration in turbine 

disc alloys, for which Cr addition has traditionally been considered critical for oxidation 
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resistance.  Significantly, Shinagawa et al. [127] reported that increasing Ni:Co ratio in the Co-

(10-70)Ni-Al-W (at.%) alloy system raised γ' solvus temperature and reduced lattice misfit 

(section 1.2.2).  In stabilising the γ' phase, increasing Ni content reportedly extended the γ+γ' 

two-phase field to the low W region of the Co-(10-70)Ni-Al-W (at.%) phase diagram at 900°C, 

reducing the amount of W needed to stabilise the γ-γ' microstructure [127] thereby providing 

the potential for reduced mass density.  Addition of 2 at.% Ti  or 2 at.% Ta to the ternary Co-

Al-W system was also shown to be efficacious in increasing γ′ solvus temperature [125] and γ′ 

volume fraction [126] (section 1.2.2).  

As with a number of L12 compounds, the Co3(Al,W) yield stress anomaly is attributed 

to thermal activation of cross slip of APB-coupled superpartial dislocations from (111) to (010) 

planes [132] (section 1.1.1. i).  From section 1.2.5, the high onset temperature of the yield stress 

anomaly for Co3(Al,W) is likely to derive from a low complex stacking fault (CSF) energy that 

impedes cross slip of APB-coupled dislocations from (111) to (010) planes [132].  As discussed 

in section 1.2.2, a number of elements including Ti, Ta, Nb and high concentrations of Ni are 

known to stabilise the L12 Co3(Al,W) phase, raising γ' solvus temperature and plausibly 

increasing CSF energy of the L12 Co3(Al,W) phase [122].  Thus, selective elemental addition, 

likely to increase CSF energy, may reduce onset temperature of the 0.2% yield stress anomaly, 

potentially broadening the temperature range over which alloy strength is increased. 

Recently, high γ' solvus temperatures have been reported for higher-order Co-based 

alloys: 1131°C for alloy Co-7Al-8W-4Ti-1Ta (at.%) [135], 1185°C for alloy Co-20Ni-7Al-

7W-4Ti-2Ta (at.%) [136] and 1218°C for alloy Co-30Ni-9Al-3Ti-7W-2Ta-0.1B (mole 

percent) [137].  However, mass density remains an issue for Co alloys based on the 

compositions described by Sato et al. [120], which traditionally possess a high W content (~7-

10 at.%), conferring mass density values in excess of 9.0 g.cm-3 [125] compared with the 

desired density for Ni-based disc superalloys of < 8.5 g.cm-3 [139]. 

Several studies have shown that systematic reduction of W in low-order Co-Al-W based 

alloys reduces γ' solvus temperature and γ' volume fraction (Figure 1.29).  This reduction in γ' 

solvus temperature and volume fraction appeared particularly steep for the low W range (4-2 

at.%).  Reducing W concentration from 4 to 2 at.% in alloy Co-10Ni-6Al-W-6Ti (at.%) reduced 

γ' solvus temperature from ~1020°C to ~940°C and reduced γ' volume fraction  from ~0.58 to 

~0.19 [145].  However, systematic incorporation of Ti (2-8 at.%) into the base alloy Co-10Ni-

9Al-9W (at.%), (at the expense of an equiatomic ratio of W and Al) produced an almost linear 
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increase in γ' solvus temperature: overall from ~985°C for the 0Ti alloy to ~1130°C for the Co-

10Ni-5Al-5W-8Ti (at.%) alloy (denoted 8Ti) [146].  Ti addition (2-8 at.%) produced a 

systematic increase in 0.2% flow stress for the temperature range ambient to 900°C, with an 

onset temperature for the flow stress anomaly ~600°C [146], compared with ~700°C for the 

Ti-free alloy and ~650°C for the ternary Co-9Al-9W (at.%) alloy (section 1.2.3).  The alloy of 

lowest W content (8Ti) exhibited a peak 0.2% flow stress value of ~810 MPa i.e. significantly 

higher than that of the 0Ti base alloy (~575 MPa) [146] and of the ternary Co-9Al-9W (at.%) 

alloy (just under 500 MPa) (section 1.2.3).  Thus, addition of Ti in Co-Al-W based alloys is 

beneficial in permitting reduced W content whilst raising γ' solvus temperature, increasing 

0.2% flow stress and lowering the onset temperature for the 0.2% flow stress anomaly.  The 

simultaneous reduction in mass density (to 8.84 g.cm-3 for the Co-10Ni-5Al-5W-8Ti (at.%) 

alloy) provides the potential for density values of higher-order alloys to approach the target 

density for a Ni-based disc superalloy of < 8.5 g.cm-3 [139]. 

From section 2.1, high Co-Ti co-addition to conventional Ni-based superalloy 

compositions reportedly elicits a γ-γ' microstructure with improved high-temperature strength 

and creep resistance [88, 148, 154, 158, 159], associated with an increase in γ' volume fraction 

[148, 154, 158, 159], although solid solution hardening of γ and γ' by Ti may contribute to the 

increased high-temperature yield strength [158].  Conventional Ni-based disc alloys are solid 

solution strengthened (section 1.1.1 v) by refractory metal elements including Mo, W, Nb 

and/or Ta (section 1.1.2 v and vi).  W is also anticipated to provide solid solution strengthening 

of γ'-hardened alloys based on the Co-Al-W system.  A systematic increase in W in such alloys 

has been shown to increase γ' solvus temperature and volume fraction following ageing at 850 

and 900°C (Figure 1.29).  Therefore, addition of W to the Ni-Co-Al-Ti-Cr quinary system is 

of interest as W is known to contribute to the formation of an L12 γ'-Co3(Al,W) phase in Co-

Al-W based alloys, where studies have focussed principally on L12-γ' phase stability at 900°C 

(section 1.2).  

A direct comparison of the effect of a systematic increase in Co:Ni ratio on the 

fundamental senary Ni-Co-5Al-5Ti-15Cr-3W (at.%) and W-free quinary systems is therefore 

essential to determine the influence of low W content on microstructural evolution and critical 

properties following ageing at 800°C. 
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5.2 Experimental Procedure 

5.2.1 Materials and heat treatment 

The series of model superalloys investigated in the present study were of the 

(Ni,Co)72Al5Ti5Cr15W3 (at.%) system in which the Ni:Co concentration ratio was varied from 

1:0 to 1:3 (Table 5.1).  3 at.% W was added at the expense of 1.5 at.% Co and 1.5 at.% Ni to 

retain the same alloy Co:Ni ratio as in the quinary series of alloys.  The W content in each of 

the six model superalloys investigated (3 at.%) equates to ~9.3% W by weight.  The alloys 

were named according to their nominal atomic percent Co and W i.e. 0Co-3W, 17Co-3W, 

27Co-3W, 36Co-3W, 45Co-3W and 55Co-3W.   

Vacuum arc melting was used to fabricate polycrystalline bars of the six alloy 

compositions from raw elements of at least 99.9% purity.  (A binary 80Ni-20W alloy was used 

for incorporation of W).  Differential scanning calorimetry (DSC) was performed on cast alloy 

discs (1 mm thickness  5 mm diameter) cut from each alloy bar to determine the critical phase 

transformation temperatures for selection of an appropriate solutioning (homogenisation) heat 

treatment temperature for each of the six model superalloys.  DSC tests were performed using 

a Netzsch 404 heat-flux calorimeter operating at temperatures of up to 1450°C with a heating 

rate of 10°C min-1.  From the DSC traces for each alloy, a homogenisation heat treatment 

temperature was selected such that it was higher than the γʹ solvus temperature but sufficiently 

lower than its solidus temperature to avoid incipient melting. 

The six W-containing alloy bars were sealed in quartz tubes under an argon atmosphere 

to minimise oxidation of the alloy surface during subsequent heat treatment.  The alloy bars 

were then subjected to a homogenisation heat treatment in the single γ phase field at 1250°C 

(measured using a calibrated n-type thermocouple) for 48 hours to minimise the effect of 

casting-induced micro-segregation.  The homogenised alloy bars were subsequently air-cooled 

and sample specimens cut from each alloy bar for scanning electron microscopy (SEM), X-ray 

diffraction (XRD) and DSC.  The six homogenised W-containing alloy bars were then re-sealed 

in quartz tubes under an argon atmosphere prior to ageing at 800°C (temperature measured 

using a calibrated n-type thermocouple) for 1000 hours to attain the thermodynamically stable 

phase distributions at this temperature.  The six aged alloy bars were subsequently air-cooled 

and sample specimens cut from each alloy bar for SEM, XRD, DSC and Vickers 

microhardness. 
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Table 5.1. Nominal and measured chemical compositions of the Ni-Co-5Al-5Ti-15Cr-3W (at.%) alloy series (mean ± standard deviation, σ).  For each alloy, 

the measured composition was within ±1.1 at.% of its nominal composition.  Measurements were taken using SEM-EDS on alloys in the homogenised condition 

(1250°C, 48 hours). 

 

 

Alloy 
 Nominal composition (at.%) Measured composition (at.%) 

Ni Co Al Ti Cr W Ni ±σ Co ±σ Al ±σ Ti ±σ Cr ±σ W ±σ 

0Co-3W 72.0 0.0 5.0 5.0 15.0 3.0 70.91 0.19 - - 5.17 0.11 5.11 0.04 15.72 0.18 3.07 0.15 

17Co-3W 54.8 17.3 5.0 5.0 15.0 3.0 53.8 0.3 17.32 0.05 5.0 0.2 5.11 0.04 15.60 0.03 3.16 0.17 

27Co-3W 45.4 26.6 5.0 5.0 15.0 3.0 44.6 0.3 26.5 0.2 5.06 0.18 5.10 0.11 15.62 0.07 3.1 0.3 

36Co-3W 36.0 36.0 5.0 5.0 15.0 3.0 35.1 0.2 35.72 0.16 5.05 0.07 5.13 0.09 15.74 0.13 3.22 0.11 

45Co-3W 26.6 45.4 5.0 5.0 15.0 3.0 26.0 0.2 45.24 0.09 4.92 0.20 5.1 0.2 15.7 0.2 3.02 0.18 

55Co-3W 17.3 54.8 5.0 5.0 15.0 3.0 16.7 0.2 54.5 0.2 5.04 0.14 5.2 0.2 15.63 0.04 2.99 0.08 
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5.2.2 Scanning electron microscopy (SEM) 

 Alloy specimens of composition (Ni,Co)72Al5Ti5Cr15W3 (at.%) in both the 

homogenised condition and the aged condition were mounted in conductive Bakelite and 

ground using wet SiC abrasive paper.  The twelve alloy specimens were then polished using 

progressively finer diamond suspensions down to 1 µm.  Specimens were subsequently 

electrolytically etched using a 10% phosphoric acid solution to dissolve the γ matrices and 

highlight the γ' precipitates.  Microstructural examination of these specimens was carried out 

using a ZEISS GeminiSEM 300 scanning electron microscope in secondary electron (SE) mode 

(in-lens mode).  Energy dispersive X-ray spectroscopy (EDS) was performed using the Oxford 

Aztec system to measure the actual compositions of the alloys (Table 5.1), which were obtained 

from a minimum of 4 large area scans of at least 500  500 µm.  The EDS system had been 

calibrated using a nickel strip prior to acquiring EDS data.   

5.2.3 X-ray diffraction (XRD) for assisting in γ-γ' phase identification 

Plates 2 mm thick were cut from each alloy bar of composition (Ni,Co)72Al5Ti5Cr15W3 

(at.%) in the homogenised condition as well as in the aged condition (800°C, 1000 hours) and 

each of the twelve cut specimens was polished down with 4000 grit SiC paper.  X-ray 

diffraction (XRD) was carried out on all twelve alloy specimens to confirm the presence of a 

γ-γ' microstructure.  A Bruker D8 Advance X-ray diffractometer was employed, operated at 40 

kV and 40 mA with Cu Kα radiation.  (A Ni filter of 0.012 mm thickness was added to attenuate 

the Cu Kβ signal).  Data were acquired over a range of 20°< 2θ <120°, with a step size of 0.03° 

and dwell time of 2 seconds.  The Inorganic Crystal Structure Database (ICSD) [200] was 

consulted to identify individual phases from peaks in XRD traces.   

5.2.4 Differential scanning calorimetry (DSC) 

To determine the γ' solvus, solidus and liquidus temperatures for each of the six 

(Ni,Co)72Al5Ti5Cr15W3 (at.%) alloy compositions in both homogenised and aged conditions, 

DSC was performed on twelve small discs, six of which were extracted following 

homogenisation heat treatment (1250°C, 48 hours) and six of which were extracted following 

the subsequent ageing heat treatment (800°C, 1000 hours).  All twelve discs (1 mm thickness 

 5 mm diameter) were extracted using spark erosion.  DSC tests on the alloy specimens were 

performed as for the cast alloy specimens using a Netzsch 404 heat-flux calorimeter operating 

at temperatures of up to 1450°C with a heating rate of 10°C min-1.  An empty crucible was run 
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in the DSC under the same conditions and the data obtained were taken as a representative 

background and subtracted from the thermal data acquired for each of the six alloys tested. 

For direct comparison with the W-free quinary Ni-Co-5Al-5Ti-15Cr (at.%) alloys in 

the homogenised condition, it was necessary to carry out DSC on each of the seven quinary 

alloys (denoted 0Co, 9Co, 19Co, 28Co, 38Co, 47Co and 56Co) homogenised at 1250°C for 24 

hours.  DSC was performed using the same calorimeter and heating rate as for the W-containing 

alloys.  Data analysis for both the W-containing and W-free alloys was performed using Igor 

Pro 6.3 software [161].   

5.2.5 Vickers microhardness 

Following ageing of the six W-containing (Ni,Co)72Al5Ti5Cr15W3 (at.%) alloy bars at 

800°C for 1000 hours, a section of each was cut and mounted in conductive Bakelite.  Samples 

were then ground and polished down to a 0.25 µm diamond finish.  Vickers microhardness 

measurements were performed at room temperature with an applied load of 3 kg and an 

indentation dwell time of 15 seconds.  For each aged alloy specimen, ten indentations were 

made across the whole sample (i.e. across multiple grains) and then measured to determine the 

Vickers microhardness (HV).  

To compare Vickers microhardness values with microhardness values obtained for the 

W-free (Ni,Co)75Al5Ti5Cr15 (at.%) alloys aged in the same way (800°C for 1000 hours), 

samples were cut from all seven aged W-free bars (fabricated as in Chapter 2), which were then 

ground and polished down to a 0.25 µm diamond finish, as for the W-containing alloys.  

Vickers microhardness measurements were then carried out at room temperature as for the W-

containing specimens. 

As alloy grain size influences microhardness, it was important to ensure a similar grain 

size for the W-containing and W-free alloys.  Therefore, specimens of both series were 

processed in the same way i.e. fabricated by arc-melting and then homogenised at 1250°C, 

prior to ageing at 800°C for 1000 hours.  SEM examination of the aged W-free alloys confirmed 

a grain size on the scale of millimetres.   

5.2.6 Mass density 

 The mass density of the W-containing (Ni,Co)72Al5Ti5Cr15W3 (at.%) alloys was 

measured at room temperature and compared with the mass density of the W-free 



154 
 

(Ni,Co)75Al5Ti5Cr15 (at.%) alloys also obtained at room temperature.  To measure the mass 

density of the six W-containing alloys, a section (nominally 7.5 mm in length) was cut from 

each aged bar and, from each section, a 5 mm diameter cylinder was extracted using electrical 

discharge machining (EDM).  The mass density of each alloy cylinder was determined using 

Archimedes’ Principle by means of ethanol displacement. 

 To measure the mass density for each alloy based on the quinary Ni-Co-5Al-5Ti-

15Cr (at.%) system, a new batch of alloys was fabricated (arc-melted) and homogenised (at 

1250°C) as in Chapter 2.  The actual composition of each of the (Ni,Co)75Al5Ti5Cr15 (at.%) 

alloys following homogenisation was confirmed by SEM-EDS to be within ±1 at.% of its 

nominal composition.  Alloys were subsequently aged at 800°C for 1000 hours and air-cooled.  

From each aged alloy bar, one cylinder of nominally 5 mm diameter and 7.5 mm length was 

extracted using EDM.  The mass density of each cylinder was determined by using 

Archimedes’ Principle as for the W-containing alloys. 

5.3 Results and Discussion 

5.3.1 Microstructural characterisation of alloys following homogenisation heat treatment  

Figure 5.1 shows a representative SE (in-lens) micrograph for each of the six W-

containing (Ni,Co)72Al5Ti5Cr15W3 (at.%) alloys following homogenisation heat treatment 

(1250°C for 48 hours).  A γ-γ' microstructure was apparent for all six alloy compositions and 

an overall reduction in γ' precipitate size was observed with increasing Co content.  On 

examination of (Ni,Co)72Al5Ti5Cr15W3 (at.%) alloy microstructures in back-scattered electron 

(BSE) mode,  no extra phases were evident.  XRD analysis confirmed the presence of a γ-γ′ 

microstructure for each of the six alloys investigated: 0Co-3W, 17Co-3W, 27Co-3W, 36Co-

3W, 45Co-3W and 55Co-3W. 
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Figure 5.1. Representative SE (in-lens) micrographs of the Ni-Co-5Al-Ti-15Cr-3W (at.%) alloy series 

following homogenisation heat treatment at 1250°C for 48 hours.  All six alloys display a γ-γ' duplex 

microstructure. 

 

DSC traces obtained for the W-containing (Ni,Co)72Al5Ti5Cr15W3 (at.%) alloys and W-

free (Ni,Co)75Al5Ti5Cr15 (at.%) alloys following homogenisation heat treatment (1250°C) are 

shown in Figure 5.2a and Figure 5.2b respectively.  In the current study, the γ' solvus 

temperature for each alloy was taken to be at the position on its DSC curve equivalent to that 

arrowed in red in Figure 5.2a.  From Figure 5.2, the alloy melting process can be observed as 

an endothermic event such that the solidus temperature was taken to be the point where the 

DSC curve starts to fall off rapidly on heating and the liquidus temperature was taken as the 

point at which the DSC curve recovers its pre-solidus trend.  For both alloy series (Figure 5.2a, 

b), γ' solvus temperature was observed to decrease with increasing Co content.  The 0Co-3W 

alloy exhibited the highest γ' solvus temperature (1170°C, arrowed) out of both alloy series.  

 

 

 

0Co-3W 17Co-3W 27Co-3W 

36Co-3W 45Co-3W 55Co-3W 

500 nm 



156 
 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 5.2. DSC traces obtained for: a) Ni-Co-5Al-5Ti-15Cr-3W (at.%) alloy series (homogenised at 

1250°C, 48 hours); b) W-free Ni-Co-5Al-5Ti-15Cr (at.%) alloy series (homogenised at 1250°C, 24 

hours).  Samples were heated from 800°C to 1450°C at 10°C min-1.  The 0Co-3W alloy displays the 

highest γ' solvus temperature obtained (1170°C) out of both alloy series (arrowed in red).  

Exothermic 

a) 

Exothermic 

b) 
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The phase transition temperatures recorded from the DSC traces for the W-containing 

(Ni,Co)72Al5Ti5Cr15W3 (at.%) alloys and W-free (Ni,Co)75Al5Ti5Cr15 (at.%) alloys following 

homogenisation heat treatment (1250°C) are compared in Table 5.2 and are plotted graphically 

in Figure 5.3.  Addition of 3 at.% W increased the γ' solvus temperature over the entire alloy 

series by between 22 and 46°C.  The greatest improvement in γ' solvus temperature (a 46°C 

increase) was observed for the addition of 3 at.% W to the 56Co quinary alloy (from 983 to 

1029°C).  For both the W-containing and W-free alloy series, the decrease in γ' solvus 

temperature with increasing Co content is consistent with the reduction in γ' precipitate size 

apparent in their corresponding micrographs (Figure 5.1 and Figure 4.1). 

The solidus temperatures decrease slightly with increasing Co content for both W-

containing and W-free alloy series following homogenisation at 1250°C (Figure 5.3).  The 

liquidus temperatures appear less influenced by variation in Co content for both W-containing 

and W-free alloy series.  The trends for γ' solvus and solidus temperatures in both the W-

containing and W-free alloy series (Figure 5.3) appear consistent with those reported by 

Shinagawa et al., 2008 [127] for the Co-Ni-10Al-7.5/10W (at.%) alloy series homogenised at 

1300°C for 24 hours (Figure 1.22a).  Absolute values of γ' solvus and solidus temperatures 

obtained in the present study for the 3 at.% W-containing alloys may be compared with the Co-

Ni-10Al-7.5W (at.%) alloys of Shinagawa et al. [127].  For example, alloy 42.5Co-40Ni-10Al-

7.5W (at.%) [127] appears to have a γ′ solvus temperature of ~1060°C (Figure 1.22a) and this 

compares well with alloy 45Co-3W in the present study, which exhibits a γ′ solvus temperature 

of 1064°C (Table 5.2).  For the same alloys, solidus temperature was estimated to be ~1440°C 

for the 42.5Co-40Ni-10Al-7.5W (at.%) alloy [127] compared with the lower solidus 

temperature of 1300°C for the 45Co-3W alloy in the present study (Table 5.2). 
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Table 5.2. Values of γ' solvus, solidus and liquidus temperatures following alloy homogenisation for 

the Ni-Co-5Al-5Ti-15Cr-3W (at.%) alloy series (1250°C, 48 hours) and for the W-free quinary alloy 

series (1250°C, 24 hours).  All values were acquired using DSC with the same calorimeter and heating 

rate.  Values were extracted from the DSC traces shown in Figure 5.2. 

 

Alloy 
Ni-Co-5Al-5Ti-15Cr (at.%) quinary alloys 

Alloy 
Ni-Co-5Al-5Ti-15Cr-3W (at.%) senary alloys 

γ' solvus (°C) Solidus (°C) Liquidus (°C) γ' solvus (°C) Solidus (°C) Liquidus (°C) 

0Co 1140 1331 1377 0Co-3W 1170 1328 1390 

9Co 1126 1328 1380 - - - - 

19Co 1118 1323 1380 17Co-3W 1144 1318 1387 

28Co 1101 1316 1380 27Co-3W 1123 1308 1386 

38Co 1059 1318 1387 36Co-3W 1095 1306 1386 

47Co 1035 1305 1386 45Co-3W 1064 1300 1386 

56Co 983 1300 1390 55Co-3W 1029 1291 1387 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 5.3. Liquidus, solidus and γ' solvus temperatures as a function of nominal alloy Co content for 

the senary Ni-Co-5Al-5Ti-15Cr-3W (at.%) alloy series (green) compared with the W-free quinary Ni-

Co-5Al-5Ti-15Cr (at.%) alloy series (blue), following homogenisation heat treatment of both series at 

1250°C.  Data from Figure 5.2 and Table 5.2.  
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5.3.2 Microstructural characterisation of alloys aged at 800°C for 1000 hours 

Figure 5.4 shows representative SE (in-lens) micrographs for each of the six W-

containing alloys (Ni,Co)72Al5Ti5Cr15W3 (at.%) aged at 800°C for 1000 hours.  Each alloy 

composition appeared to show a γ-γ' microstructure as confirmed by XRD analysis.  For alloys 

of Co content 0-27 at.%, γ' precipitates with rounded corners were observed (Figure 5.4a-c), 

whereas alloys with Co content between 36 and 55 at.% appeared to comprise γ' precipitates 

that were nearer to cuboidal (Figure 5.4d, e) or cuboidal (Figure 5.4f).  The 45Co-3W and 

55Co-3W alloys (Figure 5.4e, f), did not appear to exhibit the same degree of coalescence or 

elongation of γ' precipitates observed for the aged 47Co and 56Co W-free (Ni,Co)75Al5Ti5Cr15 

(at.%) quinary alloys (Figure 2.2f, g).   

 

   

   

Figure 5.4. Representative SE (in-lens) micrographs of the Ni-Co-5Al-Ti-15Cr-3W (at.%) alloy series 

following ageing at 800°C for 1000 hours.  All six alloys exhibit a γ-γ' duplex microstructure. 

 

 

 

500 nm 

d) 36Co-3W e) 45Co-3W f) 55Co-3W 

a) 0Co-3W b) 17Co-3W c) 27Co-3W 



160 
 

The phase transition temperatures after ageing (800°C, 1000 hours) of the W-containing 

(Ni,Co)72Al5Ti5Cr15W3 (at.%) alloys and W-free (Ni,Co)75Al5Ti5Cr15 (at.%) alloys are shown 

in Table 5.3 and plotted in Figure 5.5 and were found to be in close agreement with values 

recorded following homogenisation at 1250°C (Table 5.2 and Figure 5.3).  γ' solvus 

temperature was higher for the W-containing alloys than for the corresponding W-free quinary 

alloys in the aged condition, as for the homogenised condition.  Figure 5.6 elucidates how small 

the discrepancy is between phase transition temperatures obtained after homogenisation 

(1250°C, 48 hours) and those obtained after subsequent ageing (800°C, 1000 hours) in this 

study. 
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Table 5.3. Values of γ' solvus, solidus and liquidus temperatures following ageing of the Ni-Co-5Al-

5Ti-15Cr-3W (at.%) alloy series and the W-free quinary alloy series at 800°C (1000 hours).  All values 

were acquired using DSC with the same calorimeter and heating rate.  (These values are plotted 

graphically in Figure 2.4 for the quinary alloy series.)  

 

Alloy 
Ni-Co-5Al-5Ti-15Cr (at.%) quinary alloys 

Alloy 
Ni-Co-5Al-5Ti-15Cr-3W (at.%) senary alloys 

γ' solvus (°C) Solidus (°C) Liquidus (°C) γ' solvus (°C) Solidus (°C) Liquidus (°C) 

0Co 1139 1327 1371 0Co-3W 1168 1328 1386 

9Co 1133 1323 1373 - - - - 

19Co 1113 1318 1375 17Co-3W 1143 1318 1386 

28Co 1094 1316 1378 27Co-3W 1122 1309 1386 

38Co 1064 1307 1381 36Co-3W 1095 1305 1387 

47Co 1021 1310 1389 45Co-3W 1068 1299 1387 

56Co 985 1299 1387 55Co-3W 1033 1291 1389 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 5.5. Liquidus, solidus and γ' solvus temperatures as a function of nominal alloy Co content for 

the senary Ni-Co-5Al-5Ti-15Cr-3W (at.%) alloy series (green) compared with the W-free quinary Ni-

Co-5Al-5Ti-15Cr (at.%) alloy series (blue) following ageing of both series at 800°C (1000 hours).  Data 

taken from Table 5.3. 
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Figure 5.6. Graph showing correlation between measured phase transition temperatures for the aged 

and homogenised Ni-Co-5Al-5Ti-15Cr-3W (at.%) alloys: a) γ' solvus temperature; b) solidus 

temperature.  Data from Table 5.2 and Table 5.3. 

5.3.3 Vickers microhardness of aged alloys 

Figure 5.7 compares Vickers microhardness values for the W-containing 

(Ni,Co)72Al5Ti5Cr15W3 (at.%) alloy series and W-free (Ni,Co)75Al5Ti5Cr15 (at.%) alloy series 

as a function of alloy Co content.  All alloys were aged at 800°C for 1000 hours.  For the 

quinary W-free alloys (blue markers), an increase in Vickers microhardness was observed as 

Co content increased from 0 to 19 at.%,  whereas values for the 19Co, 28Co and 38Co alloys 

appeared comparable at ~425 HV (kgf.mm-2).  A marked decrease in microhardness was 

observed with further addition of Co up to 56 at.%.  The relatively large standard deviation for 

the 56Co alloy may be attributed to the orientation of the rod-like (elongated) γ' precipitates 

observed in Figure 2.2g.  For the W-containing alloys (green markers), an increase in Vickers 

microhardness was apparent as Co content increased from 0 to 27 at.%.  Further addition of Co 

(up to 55 at.%) appeared to produce a decline in microhardness values.   

The Vickers microhardness values for the W-containing alloys 17Co-3W, 27Co-3W 

and 36Co-3W were comparable to the Vickers microhardness values for the corresponding W-

free alloys.  The Vickers microhardness values for the W-containing alloys of Co content 45 

and 55 at.% were found to be notably higher than the microhardness values for the 

corresponding W-free quinary alloys.  The 55Co-3W alloy was associated with a relatively 

small standard deviation, consistent with the lesser degree of γ′ precipitate coalescence 

observed compared with the W-free 56Co alloy (Figure 5.4f and Figure 2.2g).  

a) b) 
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Figure 5.7. Vickers microhardness values (HV in kgf.mm-2) obtained at room temperature as a function 

of alloy Co content for the senary Ni-Co-5Al-5Ti-15Cr-3W (at.%) alloy series (green) and W-free 

quinary Ni-Co-5Al-5Ti-15Cr (at.%) alloy series (blue).  Both alloy series were aged at 800°C for 1000 

hours.  Mean values ±1 standard deviation. 

5.3.4 Mass density 

The mass density of the W-containing (Ni,Co)72Al5Ti5Cr15W3 (at.%) alloys was 

measured and compared with mass density values obtained for the W-free quinary 

(Ni,Co)75Al5Ti5Cr15 (at.%) alloys (Figure 5.8).  All alloys were aged at 800°C for 1000 hours.  

The mass density of the W-containing alloys was measured at room temperature and found to 

be consistent at ~8.5 g.cm-3, whilst the mass density of the W-free quinary alloys was measured 

at room temperature and found to be ~8.1 g.cm-3.  For each alloy series, there appears little 

discernible influence of Co content on alloy mass density, consistent with the similar atomic 

mass of Co and Ni.  These values compare with a value of ~8.2 g.cm-3 for the mass density of 

the Ni-based superalloy Waspaloy. 

Figure 5.8 provides a comparison of the W-containing (Ni,Co)72Al5Ti5Cr15W3 (at.%) 

alloy series and the W-free (Ni,Co)75Al5Ti5Cr15 (at.%) alloy series in terms of both mass 

density and γ′ solvus temperature as a function of increasing Co content.  The 0Co-3W alloy 

exhibits the highest γ′ solvus temperature (1168°C) and a mass density of 8.52 g.cm-3.  In view 

of the comparable Vickers microhardness values for alloys 27Co-3W, 36Co-3W and the W-
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free alloys 28Co and 38Co (Figure 5.7), it is of note that both W-containing alloys exhibit a 

mass density of 8.54 g.cm-3 compared with 8.08 g.cm-3 for the W-free 28Co and 38Co alloys 

i.e. a 0.46 g.cm-3 increase.  Addition of 3 at.% W to the quinary 28Co and 38Co alloys produced 

an increase in γ′ solvus temperature from 1094°C (28Co) and 1064°C (38Co) to 1122°C (27Co-

3W) and 1095°C (36Co-3W) i.e. an increase of ~30°C (Figure 5.8). 

 

 

Figure 5.8. Mass density and γ' solvus temperature of: a) the W-free quinary Ni-Co-5Al-5Ti-15Cr 

(at.%) alloy series; b) the senary Ni-Co-5Al-5Ti-15Cr-3W (at.%) alloy series following ageing of both 

series at 800°C for 1000 hours. 

(a) 

(b) 
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5.4 Conclusions 

• All six W-containing (Ni,Co)72Al5Ti5Cr15W3 (at.%) alloys (Co content 0, 17, 27, 36, 45 

and 55 at.%) exhibited a γ-γ′ microstructure following the homogenisation heat 

treatment (1250°C, 48 hours) and following subsequent ageing for 1000 hours at 800°C. 

• For the W-containing alloy series, γ′ solvus and solidus temperatures recorded 

following homogenisation heat treatment were in close agreement with values recorded 

following ageing at 800°C.  This was also the case for the W-free alloy series, 

(Ni,Co)75Al5Ti5Cr15 (at.%). 

• For the W-containing and W-free alloy series, γ′ solvus temperature decreased with 

increasing Co content.  The γ′ solvus temperature of each W-containing alloy was 

higher than that of the corresponding W-free alloy.  A slight decrease in solidus 

temperature was observed with increasing Co content in both alloy series. 

• 3 at.% W addition to the quinary Ni-Co-5Al-5Ti-15Cr (at.%) alloy series led to an 

increase in alloy mass density from ~8.1 g.cm-3 to ~8.5 g.cm-3.   

• For the quinary W-free alloys, an increase in Vickers microhardness was observed as 

Co content increased from 0 to 19 at.%.  Values for the 19Co, 28Co and 38Co alloys 

peaked and appeared comparable at ~425 HV (kgf.mm-2).  Higher concentrations of Co 

(up to 56 at.%) produced a marked decrease in microhardness.  All alloys were aged at 

800°C for 1000 hours.   

• For the W-containing alloys, Vickers microhardness appeared to increase as Co content 

increased from 0 to 27 at.%.  Higher concentrations of Co (up to 55 at.%) appeared to 

produce a decline in microhardness values.  The Vickers microhardness values for the 

W-containing alloys 17Co-3W, 27Co-3W and 36Co-3W were comparable to the 

Vickers microhardness values for the corresponding W-free alloys.   

• For the W-free alloys, the 19Co alloy exhibited an optimal combination of high γ′ 

solvus temperature (1113°C) and maximal Vickers microhardness (~425 HV).  For the 

W-containing alloys, the 27Co-3W alloy exhibited a γ′ solvus temperature of 1122°C 

(with Vickers microhardness of ~436 HV), although the 17Co-3W alloy exhibited a 

higher γ′ solvus temperature, of 1143°C (with Vickers microhardness of ~424 HV). 
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6. Final Summary and Further Work 

6.1 Summary 

The excellent high-temperature strength exhibited by conventional Ni-based 

superalloys currently in service as aero-engine turbine discs originates from their γ-γ' two phase 

microstructure, wherein L12 precipitates (γ') based on Ni3Al are embedded coherently in an 

FCC (A1) Ni-rich solid solution matrix.  Between 8 and 12 alloying additions are typically 

incorporated to optimise the critical balance of high-temperature strength, oxidation resistance 

and creep resistance.  Although the mainstay of commercial air travel for over half a century, 

the polycrystalline Ni-based superalloys currently deployed as aero-engine turbine discs are 

operating at temperatures approaching their theoretical high-temperature limits.  To achieve 

greater thermal efficiency and reduce emissions in future aero-engine designs, next-generation 

turbine disc superalloys must be engineered to sustain the necessary higher operating 

temperatures (approaching 800°C), whilst maintaining mechanical integrity and excellent 

oxidation resistance in a high-stress environment without the application of a protective coating. 

Studies on the emerging γ'-strengthened Co-based superalloys have made significant 

advances in mitigating the problem of high mass density in Co-Al-W based systems and of low 

γ' solvus temperature in Co-Al-Mo-Nb/Ta based systems by incorporation of elements such as 

Ni, Ti or Cr.  A detailed analysis of the effect of systematic variation in Co:Ni ratio on the 

fundamental quinary system, Ni-Co-Al-Ti-Cr, is therefore essential to establish a baseline 

against which to compare the effect of higher order alloying, for example with refractory metals 

such as W, that potentially confer superior high-temperature properties. 

Seven γ'-strengthened model superalloys of composition (Ni,Co)75Al5Ti5Cr15 (at.%) 

were arc-melted and subjected to a homogenisation heat treatment (1250°C) before subsequent 

processing for analysis using atom probe tomography (APT), neutron diffraction and high-

temperature oxidation at 800°C.  For the purpose of this study, these seven model superalloys 

were denoted by their nominal atomic concentration of Co (at.%) i.e. 0Co, 9Co, 19Co, 28Co, 

38Co, 47Co and 56Co.  Following ageing at 800°C for 1000 hours, a γ-γ' duplex microstructure 

was observed in all seven alloys with no other phases observed.  In alloys of Co content 0-38 

at.%, isolated cuboidal γ' precipitates were observed, whereas alloys containing 47 and 56 at.% 

Co exhibited elongated γ' precipitates suggesting directional coalescence during precipitate 

growth.  Pushing the Co content to 75 at.% to achieve the Ni-free quaternary alloy (Co-5Al-

5Ti-15Cr at.%) appeared to destabilise the γ-γ' microstructure, indicating the need for a critical 
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Ni content (Appendix 8.1).  Therefore, alloys of 0-56 at.% Co were selected for atom probe 

tomography, neutron diffraction and oxidation in this systematic study.  

For the aged quinary alloy series (Ni,Co)75Al5Ti5Cr15 (at.%), γ' solvus temperature was 

observed to decrease with increasing Co:Ni ratio (from 1139°C for the 0Co alloy to 985°C for 

the 56Co alloy) whilst alloy mass density remained fairly constant across the alloy series (at 

~8.1 g.cm-3).  Atom probe tomography on all seven aged alloys (0-56 at.% Co) indicated 

preferential partitioning of Ni, Al and Ti to the γ' phase whereas Cr and Co partitioned 

preferentially to the γ matrix phase.  The extent of partitioning of both Ti and Al to the γ' phase 

increased up to 19 at.% Co, above which the γ' phase solubility for both Ti and Al appeared to 

decline.  Concomitantly, the extent of partitioning of Cr to the γ matrix increased up to 19 at.% 

Co, above which the concentration of Cr in the γ' phase appeared to increase, suggesting a 

greater γ' phase solubility for Cr at high Co concentrations.  The more extensive degree of 

partitioning of Ti and Al to the γ' phase with increasing Co content up to ~19 at.% is putatively 

attributed to the influence of Co at low concentrations in reducing the solubility of Al and Ti in 

the Ni-based γ solid solution.  In addition, the observed decrease in the preferential partitioning 

of Al and Ti to the γ' with increasing Co content above ~19 at.% is plausibly attributed to an 

increased tendency for Cr to substitute onto the (Ti,Al) sub-lattice of (Ni,Co)3(Ti,Al) for Co 

content above ~19 at.%.  The non-monotonic correlation between elemental partitioning and 

alloy Co content is attributed to a transition in the composition of the γ' from Ni3(Ti,Al) toward 

Co3Ti via (Ni,Co)3(Ti,Al).  Alloy γ' volume fraction was observed to increase slightly with 

increasing Co content up to 19 at.% (to a maximal value of 0.40), corresponding to maximal 

preferential partitioning of Al and Ti to the γ' phase.  As Co content increased beyond ~19 at.%, 

γ' volume fraction was observed to decrease, with values of volume fraction for the 28Co and 

38Co alloys of ~0.36. 

To elucidate the relationship between elemental partitioning and lattice misfit in this 

fundamental (Ni,Co)75Al5Ti5Cr15 (at.%) system, it was necessary to quantify the influence of a 

systematic increase in Co:Ni ratio on γ and γ' lattice parameters and resultant lattice misfit for 

the proposed higher operating temperatures (approaching 800°C) for next-generation aero-

engine turbine discs.  The POLARIS instrument at the Rutherford Appleton Laboratory was 

used to perform neutron diffraction on each of the seven model superalloy compositions (0Co, 

9Co, 19Co, 28Co, 38Co, 47Co and 56Co) across a temperature range (ambient to 800°C) likely 

to be experienced by aero-engine turbine disc superalloys in service.  To acquire high quality 
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diffraction patterns, all seven model superalloys were homogenised at 1250°C and then hot-

rolled to achieve a fine grain size before ageing at 800°C for 1000 hours. 

Alloys of 0, 9, 19, 28, 38 and 47 at.% Co exhibited a positive lattice misfit at each test 

temperature (room temperature, 400, 600, 700 and 800°C).  For each test temperature, the 

magnitude of lattice misfit was observed to increase as Co content increased from 0-38 at.%, 

although pushing the Co content higher (to 47 at.%) resulted in a reduction in lattice misfit for 

temperatures from ambient to 700°C.  Thus, room temperature misfit values increased with 

increasing Co content up to 38 at.%, appearing to follow the increased partitioning of Ni (and 

of Co to a lesser extent) to the γ' phase with increasing Co up to the 38-47 at.% range (Chapter 

2).  Diffraction patterns for the 56Co alloy for temperatures ambient, 400, 600, 700 and 800°C 

suggest the occurrence of a strain-induced distortion of the γ' phase and therefore no lattice 

parameter or lattice misfit values could be derived for the 56Co alloy. 

Values of lattice misfit decreased with increasing test temperature from ambient to 

800°C for the six alloys of Co content 0-47 at.%.  A systematic increase in Co from 0 to 38 at.% 

produced a systematic shift in the curve of lattice misfit versus temperature to higher misfit 

values, although the corresponding curve for the 47Co alloy appeared aberrant.  In Ni-based 

superalloy design, a small magnitude of lattice misfit is generally considered desirable to 

minimise γ-γ' interfacial energy and retard γ' coarsening.  In the fundamental 

(Ni,Co)75Al5Ti5Cr15 (at.%) system investigated, alloys 0Co, 9Co, 19Co and 28Co are Ni-based, 

suggesting that lower values of lattice misfit are desirable.  If a similar principle applies with 

respect to Co-based superalloy design i.e. that a low lattice misfit is desirable to retard γ' 

coarsening, then it may prove beneficial that values of lattice misfit decreased with increasing 

test temperature from ambient to 800°C for the entire compositional range for which a lattice 

misfit value could be derived (0-47 at.%). 

Few detailed systematic studies analysing the high-temperature oxidation performance 

of γ-γ' alloys of the Ni-Co-Al-Ti-Cr system appear in the literature.  Crucially, the current study 

investigates the effect of a systematic increase in Co:Ni ratio on the evolution of oxides of γ-γ' 

alloys of the quinary system, (Ni,Co)75Al5Ti5Cr15 (at.%) following oxidation at 800°C.  The 

seven model superalloys of Co content 0, 9, 19, 28, 38, 47 and 56 at.% Co were subjected to 

isothermal oxidation in air at 800°C using box furnace exposure (1000 hours) as well as 

thermogravimetric analysis (TGA) for 100 hours.  Following 1000 hours oxidation at 800°C, 

the 28, 38 and 47 at.% Co alloys were observed to exhibit a flat, compact and well-defined 
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external oxide scale and Cr2O3 layer with minimal oxygen ingress, together with a distinct 

Al2O3 subscale. 

The 47Co alloy elicited two distinct morphologies following 1000 hours oxidation at 

800°C: Type I resembled the 38Co alloy with thin, flat strata within a compact scale overlying 

a zone of conspicuous oxidation products; Type II displayed a paucity of internal oxidation 

products beneath what appeared to be a dense Al2O3 sub-scale.  The observation of two distinct 

morphologies within a single specimen of the 47Co alloy was found to be reproducible on 

oxidation of a larger 47Co alloy specimen (10  6  1 mm) under the same conditions.  SEM 

cross-sectional analysis of the 28Co alloy larger specimen (10  6  1 mm) revealed a well-

defined Cr- and O-rich layer within a consistently compact external scale, as was observed for 

the 38Co alloy.   

Thus, the 28Co, 38Co and 47Co alloys can elicit a flat, compact, well-defined external 

scale and Cr2O3 layer with minimal oxygen ingress following 1000 hours oxidation at 800°C.  

The presence of an Al2O3 sub-scale in the 28Co, 38Co and 47Co alloys suggests that 

manipulating the aluminium content within this Co concentration range to facilitate formation 

of a continuous Al2O3 sub-scale may enhance oxidation resistance and resistance to fatigue 

crack initiation by precluding both oxygen and nitrogen ingress. 

The influence of 3 at.% W addition to the base alloy Ni-Co-5Al-5Ti-15Cr (at.%) was 

investigated by examining the effect of a systematic increase in Co:Ni ratio on the resultant 

microstructure, phase transition temperatures (γ' solvus, solidus and liquidus), mass density and 

Vickers microhardness.  All six W-containing alloys, denoted by their nominal atomic 

concentration of Co (at.%), 0Co-3W, 17Co-3W, 27Co-3W, 36Co-3W, 45Co-3W and 55Co-

3W, exhibited a γ-γ′ microstructure following homogenisation heat treatment at 1250°C and 

following subsequent ageing for 1000 hours at 800°C.  For the aged W-containing alloys, γ' 

precipitates appeared more rounded for alloys of Co content 0-27 at.%, but  progressively more 

cuboidal with increasing Co content up to 55 at.%, although the high Co alloys did not appear 

to exhibit the same extent of coalescence of γ' precipitates as the aged W-free 47Co and 56Co  

quinary alloys. 

With the incorporation of 3 at.% W, values of γ' solvus temperature appeared 

consistently higher than corresponding values for the W-free alloys, but followed a similar trend 

of decreasing γ' solvus temperature with increasing Co:Ni ratio over the entire alloy series.  

Addition of 3 at.% W increased alloy mass density from ~8.1 g.cm-3 for the W-free alloys to 
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~8.5 g.cm-3 for all six W-containing alloys, as might be expected.  These values compare with 

a value of ~8.2 g.cm-3 for the mass density of the Ni-based superalloy, Waspaloy. 

For the W-free alloys, Vickers microhardness values were observed to increase as Co 

content increased from 0 to 19 at.%, with a peak microhardness value for all three alloys, 19Co, 

28Co and 38Co, of ~425 HV (kgf.mm-2).  For the alloys containing 3 at.%W, Vickers 

microhardness appeared to increase as Co content increased from 0 to 27 at.%, with 

microhardness values for alloys 17Co-3W, 27Co-3W and 36Co-3W appearing comparable to 

those values obtained for the corresponding W-free alloys (19Co, 28Co and 38Co).  All alloys 

were aged at 800°C for 1000 hours.  As Co concentration increased further, a reduction in 

microhardness values was observed, which was particularly pronounced for the quinary (W-

free) alloy series. 

Of the W-free alloys, the 19Co alloy exhibited an optimal combination of high γ′ solvus 

temperature (1113°C) and maximal Vickers microhardness (~425 HV).  Of the W-containing 

alloys, the 27Co-3W alloy exhibited a γ′ solvus temperature of 1122°C (Vickers microhardness 

~436 HV), although the 17Co-3W alloy exhibited a higher γ′ solvus temperature of 1143°C 

(Vickers microhardness ~424 HV). 

This work represents the first detailed systematic study on the fundamental quinary Ni-

Co-Al-Ti-Cr alloy system describing the effect of variation in Co:Ni ratio on the evolution of 

surface oxides and on the partitioning of elements to γ and γ' phases and associated lattice misfit.  

Incorporation of 3 at.% W into the base alloy Ni-Co-5Al-5Ti-15Cr (at.%) enabled a systematic 

comparison between the fundamental properties of the senary and W-free quinary alloy systems 

with respect to the influence of increasing Co:Ni ratio. 
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6.2 Further Work 

Given the increased γ' solvus temperature, moderate increase in mass density (to ~8.5 

g.cm-3) and anticipated improvement in solid solution strengthening conferred by 3 at.% W 

addition to the quinary alloy series Ni-Co-5Al-5Ti-15Cr (at.%), then atom probe tomography 

on the senary alloy series may prove useful to determine the composition of γ and γ' phases and 

γ' volume fraction within each alloy following ageing for 1000 hours at 800°C.  Quantifying γ' 

volume fraction by means of APT would permit comparison of the senary W-containing alloy 

series with other low-W Co-Ni-Al-Ti based alloys documented in the literature. 

In view of the higher operating temperatures (approaching 800°C) proposed for next-

generation turbine discs, other further work may include investigation of the influence of 

higher-order alloying with elements such as Mo, Nb and Ta in the low-W alloy series, Ni-Co-

5Al-5Ti-15Cr-3W (at.%) with respect to the resultant microstructural characteristics and 

critical properties at 800°C.  Elucidation of the effect of a systematic increase in Co:Ni ratio 

on microstructure and properties of the quinary and senary alloy systems investigated in the 

current study enables selection of particular Co:Ni ratios for which optimal values of γ' volume 

fraction, lattice misfit, γ' solvus, solidus and liquidus temperatures, mass density and Vickers 

microhardness have been derived.  Investigation of the oxidation behaviour of the quinary alloy 

series indicated that the 28Co, 38Co and 47Co alloys exhibited promising oxidation 

characteristics at 800°C.  This facilitates selection of alloying element concentration in γ'-

strengthened (Ni,Co)-based superalloys likely to achieve an optimal combination of excellent 

high-temperature strength, a slow rate of γ' coarsening and good oxidation resistance, all 

fundamental requirements for high-pressure turbine discs designed for service at the higher 

operating temperatures approaching 800°C. 
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8. Appendix 

8.1 Ni-free alloy Co-5Al-5Ti-15Cr (at.%) aged at 800°C for 1000 hours 

The Ni-free alloy of the (Ni,Co)75Al5Ti5Cr15 (at.%) system, containing 75 at.% Co, was 

fabricated, homogenised (1250°C, 24 hours) and aged (800°C, 1000 hours) in the same way as 

the seven model superalloys investigated in Chapter 2.  A specimen was cut from the aged Co-

5Al-5Ti-15Cr (at.%) alloy bar, mounted in conductive Bakelite and prepared for 

metallographic examination by grinding using wet SiC abrasive paper.  The specimen was then 

polished using progressively finer diamond suspensions down to 0.25 µm.  Microstructural 

examination of the Ni-free alloy was performed using a ZEISS GeminiSEM 300 scanning 

electron microscope in back-scattered electron (BSE) mode.  Energy dispersive X-ray 

spectroscopy (EDS) was performed using an Oxford Aztec EDS system to identify the overall 

alloy composition, which was obtained from 5 large area scans of at least 500  500 µm.  The 

measured composition was found to be within ±1 at.% of its nominal composition.  EDS 

elemental concentrations maps were also generated using the ZEISS GeminiSEM 300 

microscope equipped with the Oxford Aztec EDS system.   

An alloy specimen was prepared for atom probe tomography (APT) in the same way as 

for the seven model superalloys investigated in Chapter 2 (section 2.2.4).  APT was performed 

to determine the compositions of phases within the Ni-free Co-5Al-5Ti-15Cr (at.%) alloy aged 

at 800°C (1000 hours).  APT was carried out using the CAMECA local-electrode atom-probe 

(LEAP) 4000X instrument, with the same experimental parameters as before (section 2.2.4), at 

the Michigan Center for Materials Characterization in collaboration with the Marquis Research 

Group, Department of Materials Science and Engineering, University of Michigan. 

Figure 8.1 shows a BSE micrograph of the Co-5Al-5Ti-15Cr (at.%) alloy following 

ageing at 800°C for 1000 hours, together with the corresponding EDS elemental concentration 

maps for Cr, Co, Ti and Al.  The dark grey phase appears rich in Ti and Al whilst the pale grey 

phase appears rich in Cr.  Co appears more evenly distributed between the two phases. 
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Figure 8.1. BSE micrograph of the Ni-free alloy Co-5Al-5Ti-15Cr (at.%) following ageing at 800°C 

for 1000 hours, together with corresponding EDS elemental concentration maps for Cr, Co, Ti and Al. 

 

Figure 8.2a displays the atom probe reconstruction of the aged Co-5Al-5Ti-15Cr (at.%) 

alloy, showing the Cr, Al and Ti solute distributions.  From Figure 8.2a, one phase appears rich 

in Ti and Al and the other appears rich in Cr.  The corresponding proximity histograms (Figure 

8.2b) permit an estimate of the elemental composition of each phase and these compositions 

are shown in Table 8.1.  
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Figure 8.2. (a) Atom probe reconstruction of the volume analysed of the Ni-free alloy Co-5Al-5Ti-

15Cr (at.%) aged at 800°C (1000 hours) showing Cr (blue), Al (red) and Ti (orange) ions; (b) Proximity 

histograms showing solute concentration profiles across the phase interface.  Error bars have been 

included but are smaller than the symbols used. 
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Table 8.1. Average elemental compositions (at.%) of the two phases identified and their associated 

standard deviations in the Ni-free alloy Co-5Al-5Ti-15Cr (at.%) aged at 800°C (1000 hours), as 

obtained from the APT proximity histogram data.  

 

Phase 
Average composition (at.%) 

Al ±σ Ti ±σ Cr ±σ Co ±σ 

Cr-rich 1.85 0.14 1.73 0.13 17.7 0.4 78.7 0.3 

Al, Ti-rich 27.0 0.2 24.85 0.20 0.96 0.07 47.2 0.3 

 

 

8.2 Atom probe reconstructions and proximity histograms of alloys aged at 800°C 

Figures 8.3-8.7 show atom probe reconstructions and proximity histograms for five of 

the seven quinary alloys, Ni-Co-5Al-5Ti-15Cr (at.%), documented in Chapter 2 (9Co, 19Co, 

28Co, 38Co and 47Co).  As stated in Chapter 2, all five alloys were homogenised at 1250°C 

(24 hours) and then aged at 800°C for 1000 hours.  Atom probe tomography was performed on 

the aged alloys at the Michigan Center for Materials Characterization in collaboration with the 

Marquis Research Group, Department of Materials Science and Engineering, University of 

Michigan. 
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Figure 8.3. (a) Atom probe reconstructions of a 10 nm slice through the volume of aged alloy 9Co.  To 

distinguish the γ phase from the γ' phase, only a fraction of the ions is shown for each element [0.5% of 

Ni ions (green), 5% of Al ions (red), 5% of Ti ions (orange), 2% of Cr ions (blue) and 3% of Co ions 

(purple)].  (b) Proximity histograms showing solute concentration profiles across the γ/γ' interface.  

Error bars have been included but are smaller than the symbols used. 
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Figure 8.4. (a) Atom probe reconstructions of a 10 nm slice through the volume of aged alloy 19Co.  

To distinguish the γ phase from the γ' phase, only a fraction of the ions is shown for each element [1.5% 

of Ni ions (green), 5% of Al ions (red), 5% of Ti ions (black), 3% of Cr ions (blue) and 2% of Co ions 

(purple)].  (b) Proximity histograms showing solute concentration profiles across the γ/γ' interface.  

Error bars have been included but are smaller than the symbols used. 
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Figure 8.5. (a) Atom probe reconstructions of a 10 nm slice through the volume of aged alloy 28Co.  

To distinguish the γ phase from the γ' phase, only a fraction of the ions is shown for each element [7% 

of Ni ions (green), 20% of Al ions (red), 20% of Ti ions (orange), 20% of Cr ions (blue) and 10% of 

Co ions (purple)].  (b) Proximity histograms showing solute concentration profiles across the γ/γ' 

interface.  Error bars have been included but are smaller than the symbols used. 
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Figure 8.6. (a) Atom probe reconstructions of a 10 nm slice through the volume of aged alloy 38Co.  

To distinguish the γ phase from the γ' phase, only a fraction of the ions is shown for each element [10% 

of Ni ions (green), 50% of Al ions (red), 50% of Ti ions (orange), 30% of Cr ions (blue) and 10% of 

Co ions (purple)].  (b) Proximity histograms showing solute concentration profiles across the γ/γ' 

interface.  Error bars have been included but are smaller than the symbols used. 
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Figure 8.7. (a) Atom probe reconstructions of a 10 nm slice through the volume of aged alloy 47Co.  

To distinguish the γ phase from the γ' phase, only a fraction of the ions is shown for each element [30% 

of Ni ions (green), 50% of Al ions (red), 50% of Ti ions (orange), 30% of Cr ions (blue) and 20% of 

Co ions (purple)].  (b) Proximity histograms showing solute concentration profiles across the γ/γ' 

interface.  Error bars have been included but are smaller than the symbols used. 
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