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Abstract 

Fatigue cracks may initiate around non-metallic inclusions via particle fracture, particle decohesion and slip-

driven nucleation. Cohesive zone techniques within microstructurally faithful crystal plasticity modelling 

validated by micromechanical experiments (HR-DIC and HR-EBSD) are employed to investigate these nucleation 

phenomena. Particle fracture and decohesion lead to stress redistribution which influences subsequent energy 

storage driving slip-driven fatigue crack nucleation. Particle fracture and decohesion strengths were determined 

and using a stored energy criterion, the number of cycles to initiation of the fatigue microcrack was predicted. A 

threshold applied stress below which decohesion and fracture do not occur was obtained, thus modestly increasing 

fatigue life. 
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1 INTRODUCTION 

Non-metallic inclusions can occur in polycrystalline Ni-base superalloy disc components produced via powder 

metallurgy, and are potentially important in influencing aero-engine component life times. Inclusions are 

incorporated in the powder from erosion of refractory oxides  in contact with molten metal during the powder 

manufacturing process [1,2]. The powder is later hot isostatic pressed (HIPed), subjected to hot deformation to 

form billet, cut into forging multiples and isothermally forged to form near-net shape components with fine 

grained, homogenous grain structures [3]. Subject to cyclic loading regimes, commercial disc alloys with 

inclusions are known to nucleate cracks at a higher rate indicating that inclusions are detrimental to fatigue life 

[4]. While in this study we focus on fatigue crack nucleation within turbine disc alloys, fracture at non-metallic 

inclusions also remains a problem in other alloys; AM steels [5,6], SMA NiTi alloys [7], Steels [8] and Al alloys 

[9] are all known to contain inclusions and are relevant to fatigue. 

Early studies of inclusions in disc alloys found them particularly detrimental to fatigue life in low cycle fatigue 

[1,10–12]. Jablonski [10] observed the effects of ceramic inclusions in low carbon Astroloy. The alloy was seeded 

with inclusions, HIPed and then subjected to a LCF regime.  Fatigue cracks were found to originate at a higher 

rate from inclusions as temperature increased. In particular, oxide particles preferred to debond at 25°C and crack 

at 500°C. Hyzak et al. [13] investigated low cycle crack nucleation in two nickel-base superalloys at room and 

elevated temperatures. A distinction between surface and internal nucleation from inclusions was made where 

high fatigue strain ranges correlated with surface nucleation and low strain ranges with internal nucleation. Crack 

nucleation originating from crystallographic facets dominated at room temperature. Therefore, crack nucleation 

at inclusions versus crystallographic facets are likely to be competing in nature. Chang et al. [11] investigated the 

origin and effect of different types of inclusions on LCF lifetimes. In addition, an effort was made to identify 

processing methods which negated the effects of inclusions. Thermomechanical processing was found to reduce 

and disperse the incidence of prior particle boundary (PPB) inclusions which were severely affecting the fatigue 

life. In the treated material however, unreactive ceramic inclusions continued to limit LCF lifetimes. Huron & 

Roth [2] deliberately seeded a Ni-base superalloy with inclusion populations of various sizes to investigate size 

sensitivity to nucleation rates. This study reinforced that fatigue cracking from inclusions at elevated temperature 

was significant. Probabilistic models for fatigue failure from inclusion defects have also been developed with 

good experimental agreement [14]. These models make the assumption that cracking from inclusions is 
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probabilistic in nature but do not elucidate the micro-mechanisms at play. Texier et al. [15] attempted to pre-

fracture non-metallic inclusions with a monotonic load in order to characterise the role of pre-existing voids on 

crack nucleation behaviour. In samples with no pre-fracture, nucleation sites were predominantly in the vicinity 

of Σ3 twin boundaries due to the high elastic anisotropy in the crystal structure. In samples with fractured particles, 

nucleation occurred entirely from non-metallic inclusions. 

Attempts were made to model nucleation events by Tanaka and Mura [16] who made enhancements to their 

existing dislocation dipole accumulation model to accommodate for initiation near hard particles. Distinctions 

were made between three modes of nucleation; decohesion of the metal-oxide interface, fracture of the particle, 

and slip bands emanating from an intact particle. Slip-driven nucleation was argued to occur when a critical value 

of self-strain energy was achieved due to dislocation dipole accumulation at the particle boundary. Inclusion 

fracture was addressed by use of the inclusion method of Eshelby [17]. Qualitative agreement was shown between 

published crack nucleation rates and model results but direct experimental validation at the micromechanical scale 

was not available. 

Several studies have investigated the micromechanical drivers of fatigue crack nucleation in commercial Ni-base 

superalloys [18–22]. Zhang et al [20,21,23] investigated nucleation drivers in the disc superalloy RR1000 

containing inclusions. Slip evolution during low cycle fatigue near an oxide agglomerate was captured by high 

resolution digital image correlation (HR-DIC) within a scanning electron microscope. Residual elastic strains and 

densities of geometrically necessary dislocations (GNDs) were captured using high angular resolution electron 

back scatter diffraction (HR-EBSD). Mismatching thermal expansivities between the inclusion and the metal 

matrix caused plastic hardening to occur adjacent to particles during the processing of the alloy. Densities of 

GNDs were noted to increase rapidly near particles as fatigue progressed and particle decohesion, fracture and 

slip-driven crack nucleation were observed, as shown in Figure 1 (a), (b) and (c) respectively. These nucleation 

modes are also illustrated schematically in Figure 1 (d).  
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Figure 1, Micrographs of (a) particle fracture in Ni-base superalloy RR1000 [20], (b) particle decohesion in RR1000 [20] 

and (c) slip-driven crack nucleations from an inclusion in a Ni-base superalloy FGH96 [18]. A schematic diagram of the 

nucleation modes is shown in (d) 

A subsequent study [21] used explicit representation of the local microstructures within a crystal plasticity finite 

element model of the inclusion region to investigate the effect of residual elastic strains, hydrostatic stress, 

effective plastic strain, stored energy density and normal stress on agglomerate-matrix decohesion. The study 

concluded that for the RR1000 alloy, for the loading conditions considered, the stress normal to the interface was 

unambiguously related to the metal-oxide decohesion. However, this work investigated only the quantitative 

drivers of agglomerate-matrix interface debonding and also did not expressly represent the decohesion process to 

account for stress redistribution. Fatigue crack nucleation in a similar but different alloy, FGH96, also containing 

inclusions [18,19] was found to occur by slip-driven processes in which residual stress and GND density at the 

location of crack nucleation were potentially found to be important [19]. Modelling studies of this alloy 

demonstrated that the sites of crack nucleation correlated directly with high magnitudes of stored energy density 

[18], where the latter is that fraction (arguably 5%) of plastic work which is stored in dislocation configurational 

energy (arising from dislocation structures) [24]. However, neither this nor the former study addressed the 

mechanistic drivers of the observed particle fractures, nor the potential coupling of particle-matrix decohesion, 

particle fracture, and slip-driven crack nucleation, and did not address the stress redistribution effects on slip-

driven fatigue crack nucleation which occur through the physical processes of particle decohesion and particle 

fracture.   
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The cohesive zone model was conceived by Dugdale [25] and Barenblatt [26] to describe non-linear crack tip 

problems. In a contemporary cohesive zone model, surfaces (or elements) are assigned a traction-separation 

relation which describes the behaviour of fracture (or decohesion) as a load is applied. The approach is widely 

used to study delamination in composites [e.g. 27,28] but is applicable to any surfaces held together by cohesive 

forces. In the context of decohesion of second-phase particles, the method has been used to model elastic particles 

in an elastic-viscoplastic matrix [29],  crystal plastic [30] matrix, silicon carbide fibre decohesion in metal matrix 

composites [28], decohesion of thermal barrier coatings [31], particulate decohesion in composites [27], and to 

investigate the influence of a surface oxide in microcantilever experiments [32]. Elzas et al. [33] implemented a 

cohesive zone model in a discrete dislocation plasticity framework and investigated crack growth at iron-

precipitate interfaces. 

The traction-separation behaviour is often characterised by maximum traction, displacement at failure and fracture 

energy (area under the traction-separation curve). The differing fracture behaviours from mode I to mode II are 

well known [34]. The cohesive zone model is therefore often described using mixed-mode relations [35]. The  

form of the traction-separation relationship is argued to be of utmost importance by several researchers [e.g. 

42,49,50]. The physical significance of the relationship is in many cases based on atomistic predictions, including 

the exponential based curve of Needleman [29], related to fundamental work on binding energies of atomistically 

sharp planes by Rose et al. [38]. The exponential based curve is potential-based as it derives directly from the 

separation of atomic entities whereas non-potential shapes may be derived from phenomenological observations 

of fracture surfaces. The potential versus non-potential view is argued by Park et al. [39] who  have recently 

introduced a generalised potential based cohesive zone model which is path dependent. 

Three distinctive fatigue crack nucleation modes - particle decohesion, particle fracture and slip-driven nucleation 

– have been observed in relation to powder metallurgy nickel alloys containing agglomerates. Previous work has 

assessed the particle-matrix decohesion by quantitative study of interfacial normal stresses. However, the 

mechanistic basis of particle fracture (as opposed to decohesion) has not yet been quantitatively assessed. In 

addition, neither the particle-matrix decohesion nor particle fracture have been explicitly incorporated in to model 

microstructural representations in order to account for the stress redistribution which occurs from both 

mechanisms. Further, decohesion and particle fracture have not been investigated in terms of how they influence 

subsequent slip-driven fatigue crack nucleation and effect on fatigue life. Hence these are the objectives of this 

study which introduces cohesive zone modelling in to faithful polycrystal plasticity representations of an 
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experimentally characterised microstructure. Both particle-matrix decohesion and particle fracture are therefore 

allowed explicitly to occur such that the resulting stress redistributions and corresponding changes to stored 

energy density may be captured. The stress redistribution resulting from a particle fracture event, for example, 

then leads to significant changes to local interfacial normal stresses at an adjacent particle thereby radically 

changing the local driver for decohesion. Further, the stress redistributions resulting from both fracture and 

decohesion change the distributions and magnitudes of the stored energy density accumulations and hence the 

cycles required to give slip-driven fatigue crack nucleation. Hence the three failure mechanisms are shown to be 

strongly coupled. In addition, the mechanistic basis of experimentally observed particle fracture is addressed, 

revised interfacial particle-matrix cohesive strengths are obtained, and their influence on slip-driven crack 

nucleation investigated.  This leads to the formulation of a preliminary mechanisms-based S-N curve for PM 

nickel alloys with agglomerated inclusions.  

 

2 METHODS 

2.1 CRYSTAL PLASTICITY FORMULATION 

The crystal plasticity formulation used in this study is that reported in [40]. The deformation gradient, F, can be 

decomposed into contributions from the elastic Fe and plastic Fp components [41]. This relation can be written as: 

𝐅 = 𝐅𝑒𝐅𝑝 1  

The plastic component of the deformation rate is equal to the symmetric part of the plastic velocity gradient: 

𝐃𝐩 = sym(𝐋𝑝) 2 

The plastic velocity gradient, 𝐋𝑝 may then be determined by: 

𝐋𝑝 =  �̇�p𝐅p 
−1  = ∑ �̇�𝑖(𝐬𝒊 ⊗ 𝐧𝑖)

𝑛

𝑖=1

3 
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where 𝑖 denotes the active slip system, s is the direction of dislocation slip, n is a normal to the slip plane and �̇� 

is the rate of crystal shearing (i.e. slip) given by: 

�̇� = 𝜌𝑆𝑆𝐷
𝑚 𝜈𝑏2 exp (−

𝛥𝐻

𝑘𝑇
) sinh (

(𝜏 − 𝜏𝐶𝑅𝑆𝑆)𝛥𝑉

𝑘𝑇
) 4 

where 𝜌𝑆𝑆𝐷
𝑚  signifies the density of mobile statistically stored dislocations, 𝜈 is the frequency of jump events, 𝑏 

the burgers vector, Δ𝐻 the activation energy, 𝑘 the Boltzmann constant, T the temperature, 𝜏𝐶𝑅𝑆𝑆 the critical 

resolved shear stress, and ΔV is the activation volume. Isotropic hardening is incorporated by considering the 

development of statistically stored dislocations, �̇�𝑆𝑆𝐷, as the material is plastically strained. 

�̇�𝑆𝑆𝐷 = 𝜆 �̇� 5 

where 𝜆 is the hardening coefficient and �̇� is the effective plastic strain rate. Slip system hardening may then be 

taken as Taylor hardening in iterative form: 

𝜏𝑐
𝑖 = 𝜏𝑐0

𝑖 + 𝐺𝑏√𝜌𝑆𝑆𝐷 6 

In this instance, 𝜏𝑐0
𝑖  refers to the initial intrinsic slip strength on the 𝑖𝑡ℎ slip system and 𝐺 is the shear modulus of 

the material. A range of useful quantities can be determined from the crystal plasticity framework explained above. 

Effective plastic strain, 𝑝 is given by: 

𝑝 = √
2

3
𝐃p: 𝐃p 7 

The stored energy density, which is that part of the plastic work which is stored by virtue of the establishment of 

dislocation structural interactions [24] over a length scale determined by the dislocation density,  can be expressed 

as: 

𝑈 =  ∫
𝜉𝝈: 𝑑𝝐𝑝

√𝜌𝑆𝑆𝐷

 8 
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where 𝑈 is the stored energy density and 𝜉 is the fraction of plastic energy in a cycle used to establish dislocation 

structures. This quantity has been used successfully to predict the location of cracks in polycrystal models and is 

discussed further in the next section. 

2.2 NI-BASE SUPERALLOY AGGLOMERATE MODEL  

In a previous study [20], a three-point bend specimen was subjected to low-cycle, load controlled fatigue. The 

specimen (12.7x3.5x1.94mm) was deliberately machined to contain an oxide agglomerate inclusion on the tensile 

fibre of the front, free face. In the experiment, developments of strains were recorded at interrupted intervals by 

using HR-DIC. In this study, a new explicit model representation of the agglomerate microstructure has been 

developed. This is related to that presented in [21] but very different in that it contains cohesive zone surface 

interactions to facilitate the study of agglomerate decohesion and fracture which have not been addressed before. 

The geometry was created from EBSD and SEM micrographs showing oxide particles, fine inter-oxide grains and 

coarse grains. As subsurface characterisation was not possible, edges were extruded to form columnar grains. This 

type of idealised model has been used in several prior studies with successful predictions of deformation [42,43]. 

Appropriate crystallographic orientations were applied to the coarser grains.  

The small grains located between particles are numerous and obtaining accurate crystallographic orientations is 

difficult owing to their size. They are therefore assigned a reference orientation (i.e. the [1 0 0] pointing in x-

direction and the [0 1 0] pointing in the y-direction). The oxide particles were identified as hafnia via SEM EDS. 

They were assigned elastic properties obtained from reported values in the literature [44]. Isotropic elasticity was 

assumed due to their size and difficulty in obtaining a surface finish sufficient enough to yield diffraction patterns. 

The properties are shown in Table 1. The ensemble was contained within an elastically isotropic medium 

representing the fine-grained, homogenous RR1000 microstructure. The physical properties used for the slip rule 

were obtained from calibration against tensile tests performed at Rolls-Royce plc. The resulting slip rule properties 

(equation 5) are shown in Table 2. Loading conditions local to the agglomerate region were inferred from a full 

beam model utilising von Mises plasticity, as described in [21] together with the independent experimental loading 

conditions and strain measurements.  
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Table 1, isotropic elasticity properties for Hafnia inclusions 

 

Table 2, the properties used for the slip rule. 

 

 

Figure 2, (a) Front-view mesh of the full crystal plastic submodel, (b) a detailed close-up of various microstructural features 

and their meshing within the submodel 

The new microstructural model contains around 60,000 swept C3D20R finite elements representing the 

agglomerate oxide particles, and the coarse and fine Ni grains, and is shown in Figure , together with a close-up 

image to demonstrate the microstructural features captured. The mesh is refined local to the agglomerates since 

these are primary areas of interest in the present work. The crystal plasticity constitutive behaviour is incorporated 

through a user-material (UMAT) subroutine. Loading is applied on the right-hand surface to reproduce the load 

created in the 3pt-bend experiment as discussed in [21]. 

On surfaces separating oxide particles from Ni matrix, an interaction is defined using an elemental surface master-

slave formulation with cohesive zone properties. This facilitates explicitly particle-matrix decohesion to be 
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modelled.  In addition, surfaces are also created within oxide particles which have normals parallel to the direction 

of loading. These oxide-oxide interfaces are also assigned cohesive zone properties, and this enables particle 

fracture to be modelled independently. The cohesive zone model, and associated properties, used in this study are 

outlined in the next section. In total, 135 interactions are defined with an initial clearance between slave and 

master surfaces equal to zero. Example model predictions of local strain distributions along defined paths are 

shown in the appendix along with the independent experimental measurements taken from [21], showing 

reasonable agreement. 

2.3 TRACTION-SEPARATION MODEL 

Both particle fracture and decohesion are observed in the Ni-base superalloy agglomerate containing system. Here, 

we define traction-separation behaviour between selected oxide-oxide surfaces and metal-oxide surfaces to 

describe both particle fracture and decohesion respectively. Decohesion has been argued to occur only when the 

normal stress acting on the surface is sufficiently high [21]. It is therefore reasonable to assume that the tangential 

(mode II) and transverse (mode III) shear behaviours of the interface play little role in the decohesion and 

appropriately simplify the traction-separation behaviour by assigning relatively high tangential and transverse 

shear strengths, 𝑡𝑠
𝑚𝑎𝑥 and 𝑡𝑡

𝑚𝑎𝑥 respectively, while keeping the normal strength, 𝜎𝑛
𝑚𝑎𝑥 physically representative 

of the true decohesion strength. The strength has been found to lie in the range of 1270 – 1480 MPa in terms of 

normal stress acting on the surface [21]; a parametric analysis is performed later in this study to investigate the 

validity of this range. Experimentally, it is observed that decohesion occurs in a brittle-manner where the stress 

carried normal to the interface eventually leads to the sudden decohesion of the metal-oxide interface. We 

postulate that the separation of surfaces is stress controlled. The shape of the traction-separation curve is therefore 

argued to be of secondary importance as, ideally, cohesion should cease after peak stress in reached. A bilinear 

traction-separation, originally developed by Geubelle et al. [45] and Alfano et al. [46] is therefore used. We define 

an initial traction-separation gradient, 𝑘𝑛, which is physically representative of the interfacial stiffness. Complete 

separation of surfaces is typically said to occur when traction reduces to zero subsequent to attaining its peak 

value. Here, we take decohesion to have occurred when the peak traction is attained. While there is little physical 

basis to assert that there is material continuity once this stress limit has been exceeded, rapid unloading of traction 

post-nucleation poses potential convergence problems for the three-dimensional finite element analysis. 

Convergence also becomes an issue when large slope changes are present. The elastic snap-back effect is mitigated 

here by adding a viscous regularisation term of 𝜇 =0.01 [47]. In addition, in the current geometric representation 
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of the microstructure, while decohesion may have occurred at the oxide-matrix interface on the sample free 

surface, the sub-surface material continues to provide constraint such that the average through-thickness normal 

stress remains finite and non-zero. These factors justify the need for a progressive linear interfacial unloading as 

shown in Figure  (b). A separation distance, 𝛿𝑓, is chosen such that the progressive linear unloading produces 

results reflective of experimental results. 

Fracture of brittle particles is considered in a similar manner where a bilinear traction-separation is used with the 

assumption being that fracture is driven by a maximum principal stress. Surfaces are therefore orientated to be 

normal to the direction of loading (shown schematically in Figure  (a)) with a 𝜎𝑛
𝑚𝑎𝑥 term controlling the nucleation 

of fracture in a particle. The value of 𝑘𝑛 is chosen to represent the elastic modulus of the oxide particle at the 

length scale of a micron. Properties for both decohesion and fracture are given in Figure  (c).  

  

Figure 3, (a) Schematic example of the oxide-oxide (particle fracture) interface is displayed as the black, dashed line and 

metal-oxide (decohesion) interface which is shown in white for particle F1 (b) the traction-separation relation used, and (c) 

the properties used for particle fracture and decohesion 

 

The traction-separation behaviour is implemented through the Abaqus surface interaction framework. The 

constitutive tensile behaviour of the cohesive zone is defined through contact separation and contact stress. In 

compression, no damage is accumulated and hard contact is defined.  
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3 FRACTURE STRENGTH OF OXIDE PARTICLES 

The experimental observations reported in [21] showed that both particle fracture and particle decohesion occurred 

early during cyclic loading (within 1st -20th cycle). Figure  shows those particles where fracture occurred and those 

for which decohesion occurred. In this section, the microstructurally representative crystal plasticity model 

established above is firstly used to investigate key quantities local to experimentally observed particle fractures 

in order to extract the mechanistic drivers for the particle fracture phenomenon rather than particle decohesion. 

This is carried out by studying the local behaviour prior to the occurrence of any particle-matrix decohesion or 

particle fracture. Explicit incorporation of the failure processes using cohesive zone modelling is addressed in a 

later section. 

 

Figure 4, (a) trace of particles and grain boundaries in the agglomerate system with fractured particles highlighted in red 

and decohered particles highlighted in yellow. Annotations are provided for fractured particles (labelled F) and decohered 

particles (labelled D). (b) Experimental observation of the agglomerate region after loading with fracture and decohesion 

represented by red and yellow lines respectively, taken from [20] 

Stresses normal to the particle-matrix interfaces around a range of particles have been extracted. Figure  shows 

the predicted normal stress 𝜎𝑛  = (𝛔𝐣) ∙ 𝐣 (where 𝐣 is a vector normal to the surface of a particle) distribution 

around particles which (a) and (b) decohered, and (c) and (d) fractured in the experimental observations shown in 

Figure . The stress is obtained here from the Ni integration points on the oxide boundary. The size of the arrow 

indicates magnitude of stress with red arrows indicating locations of maximum normal stress. Plots of stress 

magnitudes are given against the perimeter paths in Figure  for (a), (b), (c) and (d) respectively. Cohesive interface 

strengths of 1270 – 1480 MPa previously reported in [21] are plotted on the graph. This range of decohesion 

strength was obtained by considering the mean normal stress of decohered particles at peak loading conditions 
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and comparing this value against peak normal stress of unaffected (non-decohered) particles. Stresses at peak 

loads are found to exceed the cohesive strengths indicating that decohesion should have occurred for all four 

particles (D1, D2, F1 and F2).  For particles D1 and D2 (and others reported in [21]) the observed locations of 

decohesion are found to directly coincide with the location of peak normal stress in a significant number of 

decohered particles. The peak normal stresses were observed on interfaces which were normal to the direction of 

loading. Direct comparisons of predicted decohesion sites and experimental observations are shown in Figure  

with good agreement. However, particles which were observed to crack in the experiment (eg F1 and F2 discussed 

above and in Figures 5, 6) also develop high magnitudes of predicted interfacial peak normal stress, suggesting 

that they also should decohere unless, in fact, they had already fractured. This therefore suggests a quite separate 

mechanism is associated with particle fracture and that the local drivers were high enough to cause fracture before 

the interfacial stresses were high enough to drive decohesion. The variation of mean peak normal stresses during 

the peak load at the interface is investigated for particles which decohered in the experiment and particle which 

fractured in experiment. This is shown Figure .  

 

Figure 5, normal stress distributions with respect to the particle perimeters for which (a) and (b) are particles which 

decohere in experiment and particles (c) and (d) experience fracture after fatigue loading. Red arrows indicate the location 

of peak normal stress. 
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Figure 6, profiles of normal stress distributions during unloaded, peak and partial (F= Fmax 2/3) loads of the first cycle 

around the perimeter of particles. Plots a), b), c) and d) correspond to respective plots in Figure . The previously reported 

cohesive strength range of 1270 -1480 MPa [21] is plotted as red bands. (a) and (b) are for particles observed to decohere; 

(c) and (d) are for particles observed to fracture. 

 

Figure 7, (a)-(d) Normal stresses on perimeter of particles are shown together with their corresponding experimental 

observations of particle matrix decohesion (from [21]) after fatigue loading. Red arrows indicate point of maximum normal 

stress. (The smaller white particles partially visible are silica particles used as DIC speckles.) 
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Figure 8, variation of particle mean of interfacial normal stress for particles which fractured in experiment and particles 

which decohered in experiment.  

The perimeter normal stresses are predicted to be higher for fractured particles so we seek an alternative driver 

for particle fracture.  Maximum principal stress was investigated as the potential primary driver of fracture in the 

brittle oxide particles. A maximum principal stress criterion of a Rankine type supposes that fracture occurs once 

a principal stress exceeds a critical value. Field plots of maximum principal stress are shown for the agglomerate 

region at the peak of the 1st cycle in Figure . Peak stresses are notably higher in the oxide particles due to their 

higher elastic modulus, and do seem to indicate the locations of particle fracture observed in experiments, as 

shown in Figure (b) and (c). Figure 2 shows arrow plots of the direction of maximum principal stress for the peak 

the first cycle. These are primarily orientated in the direction of loading during peak load. Some particles observed 

to fracture in experiments are predicted to be subject to large maximum principal stresses. Particles F1, F2, and 

F3 in particular are observed to have high maximum principal stresses in the direction normal to the fracture plane 

indicating strong agreement with experimental observations for these particles.  

However, while the model predictions show some good agreement with experimental observations, it is not always 

the case as certain oxides which remain unfractured in the experiment are predicted to carry extremely high 

maximum principal stress. The model predictions indicate that some particles with high interfacial normal stress 

should fracture (as opposed to decohere) and some with high maximum principal stress should decohere (as 

opposed to fracture). However, it is well recognised that the process of particle-matrix decohesion and oxide 

fracture lead to stress redistribution and local relaxation which may significantly alter the local stress distribution 

in the region. For example, decohesion taking place at an interface orientated approximately normal to the primary 
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loading direction would have the effect of substantially reducing any axial (X-direction) stresses in the vicinity of 

the interface, thus reducing the propensity for both decohesion and particle fracture at adjacent particles lying 

along the same line of loading. Hence a more detailed and complete analysis is required to investigate and 

differentiate the mechanistic observations associated with particle decohesion and particle fracture, which 

explicitly accounts for the process and effect of the fracture and decohesion which occur. This is addressed in the 

next section. 

  

Figure 9, Field plot of maximum principal stress (a) at the peak of the first cycle, and (b) a corresponding close-up of the 

region with several fractured particles (F1, F2, F3), and (c) the corresponding SEM image shown after fatigue loading [20]. 
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Figure 2, Maximum principal stress is plotted as arrows which indicate magnitude (size and colour) and direction for the 

peak of the first cycle.  

4 MODELLING OF METAL-OXIDE INTERFACIAL DECOHESION AND PARTICLE 

FRACTURE USING COHESIVE INTERFACES 

Cohesive zones are introduced at all metal-oxide interfaces and within oxide particles to investigate decohesion 

and particle fracture respectively in the agglomerate system. The microstructural agglomerate model utilised 

above and shown in Figure  enhanced in this way was employed to carry out the study with the same loading 

conditions presented above. From the results obtained in Section 3 (for which explicit decohesion and particle 

fracture was not included), the oxide-matrix interfacial cohesive strength  �̂�𝐶  was estimated to be 1270 MPa and 

the oxide particle fracture strength �̂�𝐹 to be 1580 MPa. However, the analysis incorporating explicit decohesion 

and particle fracture led to early failure of all interfaces (be they decohesion or fracture failures), demonstrating 

that the local interfacial normal stresses and intra-oxide maximum principal stresses exceeded the strengths given 

above. This indicates that both decohesion and fracture strengths are higher than previously estimated by the 

model which did not explicitly incorporate the failure processes. A sensitivity study (shown in Table 3) was 

therefore carried out using the microstructural model with a range of strengths for both �̂�𝐶  and �̂�𝐹. Careful 
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comparison of model results with the experimental observations of particle decohesion and intra-oxide fracture 

facilitated the extraction of more appropriate values for the strengths  �̂�𝐶  and �̂�𝐹. The metal-oxide interfacial 

strength and oxide particle fracture strength were therefore determined in this way to be �̂�𝐶  = 2050 MPa and �̂�𝐹 = 

2300 MPa respectively.  

Table 3, the test matrix of the parametric study performed to find the interfacial strength �̂�𝐶, and the oxide strength �̂�𝐹 

�̂�𝑪 (MPa) �̂�𝑭(MPa) Qualitative results 

1270  1580 All interfaces damaged 

1480 1800 All interfaces damaged  

1800 1950 All interfaces damaged 

2050 2300 Partial interfaces damaged in keeping with experimental observations 

2050 2500 Damage pertaining only to metal-oxide interfaces 

 

These strengths gave computed results in which the number of initiations of interfacial decohesion and particle 

fracture best reflected the experimental observations. Figure 3 (a) shows interfaces which are predicted to fail in 

the model. Note that the stresses acting on the interfaces peak within the first two cycles. The traction on metal-

oxide and fracture interfaces then declines since some stress relaxation is observed in the vicinity of particles after 

the first few cycles. We therefore exclusively observe nucleation events within two cycles for the applied load 

considered. SEM micrographs of the corresponding topography after fatigue loading of 1000 cycles (Figure 3 (b)) 

show fractured particles [20], and in particular, as predicted by the model in Figure 3(a) in the particles labelled 

F1-F3. In this region, several particles fracture and are arranged in parallel with the direction of loading. The 

density and proximity of particles in this region are likely to drive locally high stresses which lead to the onset of 

particle fracture. Of the experimental particle fractures (F1 to F5) considered in the region of interest in Figure 3, 

four (F1, F2, F3, F5) were correctly predicted to fracture. Of the experimental oxide-matrix decohesions (D1 to 
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D8), three (D1, D3, D5) were predicted to decohere in this region. However, after the first cycle of loading at peak 

stress 1366MPa, the total number of experimentally observed particle failures events was 14, compared to a 

predicted total of 16. Of these, six were observed to be fractures and eight decohesions. The model predicted nine 

particle fractures and seven decohesions. Hence some of the experimental observations have been captured and it 

is clear that the hypothesised mechanisms (interfacial normal stress and particle maximum principal stress for 

decohesion and fracture failures respectively) do differentiate the observed failure types, even if not completely 

successfully in all cases. Regrettably, some of the experimental observations [21] are obscured by DIC speckles. 

A summary of the results is given in Figure 4  

 

Figure 3, (a) Schematic of the interfaces predicted to fail (highlighted in red for fracture and yellow for decohesion). Failure 

is here defined as the peak normal traction exceeding the predefined strength of either fracture or decohesion.  (b) 

Experimentally observed [21] particle fracture (red) and decohesion (yellow) are annotated on a SEM micrograph of the 

corresponding region. 
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Figure 4, (a) the number of failure events (sum of fracture and decohesion) in the entire agglomerate region and their type 

predicted by the model and observed in experiment during the first and second cycles at a peak applied stress of 1366 MPa. 

(b) the model predicted number of failure events per cycle for differing applied loadings (1366, 1300 and 1260 MPa) 

demonstrating the dependence of failure on remote stress.  

The model facilitates an investigation of the effect of applied stress magnitude on the nature (decohesion versus 

particle fractures) and number of failure initiations. In Figure 4, the model predicted number of failure events is 

shown for different applied peak loading for the first two cycles for applied peak stresses of 1366, 1300 and 1230 

MPa respectively. The first cycle drives the largest number of failure events. A higher stress naturally causes a 

higher number of failure initiations to occur. Failure initiations were found to cease to occur (in both experiment 

and model prediction) after the second cycle. The frequency of initiation events is however extremely sensitive to 

the remote loading. A 5% drop in remote loading from 1366 MPa to 1300 MPa gives rise to an 80% drop in 

initiation events from 21 to 4 events. At 1230 MPa or 90% of original load, no initiation events are observed. 

An abrupt change in decohesion and fracture events due to a decrease in applied stress suggests the failure 

mechanisms (fracture and decohesion) are sensitive to the strain-hardening properties of the material. A low strain-

hardening would result in peak stresses occurring in early cycles. The material considered in this study shows 

relatively low strain-hardening and the failure mechanisms occur early. Early initiation is therefore likely stress-

threshold based and a reduction of applied maximum stress would result in a change of failure mechanism. It is 

therefore possible to approximate a peak stress for which particle decohesion and fracture initiations do not occur 

at all and thus provide a solution to inhibit initiations of this type. In a high-strain hardening material, the expected 

response would be the development of significant plastic straining near the oxide/matrix interface. In such a 
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material, if early stresses are lower than the initiation threshold, then fracture and decohesion may occur 

subsequently in later cycles due to cyclic hardening.  

Particle fracture and decohesion are processes which nucleate voids in the material and precede fatigue crack 

growth yet the onset of these phenomena is not sufficient to predict crack nucleation. Slip-driven crack nucleation 

occurs along persistent slip-bands impinging on the oxide/matrix interface. These cracks are different from 

particle fracture and decohesion in that they are crystallographic in nature and may therefore begin to grow 

immediately. In the experiment, it is observed that while fracture and decohesion occur early, a crystallographic 

fatigue crack does not nucleate until after 1000 cycles. Fracture and decohesion may therefore influence fatigue 

life, potentially redistributing stress and influencing the nucleation of slip-driven crack nucleation. The next 

section addresses the competition of nucleation between the particle fracture, decohesion and slip-driven 

initiations. 

5 TOWARDS FATIGUE CRACK NUCLEATION MAPPING 

Nucleation of fatigue cracks from non-metallic inclusions potentially originates from voids created by particle 

decohesion, particle fracture but certainly by slip-driven crystallographic fatigue crack nucleation. In this section 

we differentiate between the three nucleation modes mechanistically. We therefore utilise the criterion for 

crystallographic slip-driven nucleation introduced above in equation (8).  

The stored energy density, 𝑈, has been shown to give quantitative predictions of fatigue crack nucleation sites 

and good prediction of fatigue life in steels [48] , Ni-base superalloys [49] and recently at non-metallic inclusions 

[18]. A critical stored energy density value, 𝑈𝑐 , was introduced at which a fatigue crack is argued to nucleate. In 

[50], the critical stored energy density was determined for fine grained Ni alloy RR1000 to be 404 Jm−2.  The 

number of cycles to nucleation is found from  

𝑈𝐶 = 𝑁𝑓 ∫ �̇�𝑑𝑁 9 

determined once the cyclic rate of stored energy accumulation has stabilised. In the present study, the stored 

energy density has been employed as the criterion for slip-driven fatigue crack nucleation. The agglomerate model 

above is utilised to investigate the role of the oxide particles, together with their decohesion and fracture, on stored 
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energy density evolution for the case of an applied load of 1366 MPa. After 10 cycles of loading in the model, the 

rate increase of stored energy density per cycle stabilises and it is therefore reasonable to extrapolate the stored 

energy rate at the end of this cycle and use equation 9 to find the fatigue life.  

Figure 5 shows the predicted development of stored energy density in a model in which both decohesion and 

particle fracture are enabled (using the cohesive and particle fracture strengths from earlier). After the second 

cycle of loading, all decohesion and particle fracture events have taken place. Subsequent cycling then leads to 

the progressive evolution of stored energy density in the presence of the voids. Comparison is shown with the 

experimental microstructure where a crystallographic microcrack was found to nucleate between 1100 – 2000 

cycles. The microcrack nucleation is localised in a region with predicted high stored energy density. Using 𝑈𝑐 =

404 Jm−2 as the criterion for microcrack nucleation, we find that the predicted cycles to fatigue crack nucleation 

are close to those obtained in the experiments [21]. A region that lies above particle D5 has a predicted nucleation 

lifetime of ~500 cycles and lies directly in the experimentally observed crack path. In the region above fractured 

particle F1, the model predicts a nucleation life of 1100 cycles. 

  

Figure 5, The development of stored energy density in a model utilising cohesive zones for capturing particle fracture and 

decohesion. (a) shows the stored energy density at the end of the first cycle and (b) after the 10th cycle. (c) shows the same 

region in an SEM micrograph after 2000 cycles of loading [21] 

This shows some agreement with the experimental observations in which crack nucleation occurs between 1100-

1900 cycles. Factors affecting crack nucleation behaviour which are not accounted for include gamma prime 

depletion near agglomerates, as well as sub-surface grain morphology and crystallography. The tertiary gamma 
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prime particles in the vicinity of particles are of the order of 40-50 nm. They likely influence the crack nucleation 

process but at a length scale smaller than that which has been investigated. Primarily, the gamma prime particles 

influence the slip resistance on a slip system and thus control the activation of slip and by extension slip banding. 

In a material system without large defect features such as inclusions, persistent slip bands and 

intrusions/extrusions will dominate the fatigue crack nucleation sites. In the present system, however, we argue 

that the influence of inclusions (which are sized on the order of 1-3 μm) on fatigue crack nucleation is much 

greater. 

A field plot of predicted cycles to crack nucleation within the entire microstructure modelled based upon stored 

energy density is provided in Figure 6. Nucleation is predicted to occur exclusively near oxide particles. Locations 

above and below oxide particles, with the horizontal loading considered, are found to be most prone to crack 

nucleation. Particles F1, F2, F3, D1, and D5 lie on the nucleated microcrack site (see Figure 6) in the experiment 

which strongly suggests that their fracture (F) and decohesion (D) respectively drive the nucleation process. 

 

Figure 6, Predicted cycles to crack nucleation based on the stored energy density in a model incorporating particle decohesion 

and fracture. Experimental decohesion (D1-D8) and fracture (F1-F5) sites are labelled.  
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Slip-driven fatigue crack nucleation has been observed to occur in a different but related Ni alloy system 

containing inclusions [18]. Cracks develop at the metal-oxide interface and align with crystallographic planes 

with high slip accumulation. Local stress, slip accumulation and geometrically necessary dislocation density have 

all been shown to be important factors in this nucleation type but a high magnitude of local stored energy density 

has been found to unambiguously identify sites of crack nucleation. The agglomerate system considered in this 

paper exhibits decohesion and particle fracture early in the loading history, which have then linked by 

crystallographic slip-driven crack growth. The stored energy density has been shown to evolve significantly in 

the vicinity of the particles and is influenced by the decohesion and particle fracture. There is clearly an interplay 

between the three mechanisms. In order to investigate this further, we inhibit decohesion and particle fracture in 

the crystal plasticity model by assigning very high interfacial and fracture strengths such that the sole failure 

mechanism is slip driven fatigue crack nucleation and compare with the previous study.  

A range of analyses with the same polycrystal agglomerate model were carried out with differing applied stress 

level (from 1500 down to 820 MPa) to obtain predicted cycles to slip-driven crack nucleation (taking 𝑈𝑐 =

404 Jm−2 as before) when both allowing particle fracture and decohesion and when inhibiting it. The results are 

summarised in Figure 7. 

  

Figure 7, S-N plot for cycles to crack nucleation estimated from cyclic stored energy accumulation for the case in which 

failure (via particle fracture and decohesion) is allowed and for when it is inhibited. Particle fracture and decohesion do not 

occur below the stress threshold of 1230 MPa. 
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Particle fracture and decohesion have been shown to be stress dependent such that in a fatigue scenario with high 

stress, debonding and decohesion occur early, leading to a change in local stress and strain states and the 

corresponding stored energy density evolution with subsequent cycles. When neither debonding nor particle 

fracture occur, the rate of evolution of stored energy density at particles (but within the Ni matrix) is different, 

thereby changing the numbers of cycles to fatigue crack nucleation. In the case where decohesion and particle 

fracture occur, stored energy density is predicted to increase subsequently at a faster rate therefore leading to 

shorter fatigue lives. This is demonstrated in Figure 7 where predicted cycles to crack nucleation are plotted 

against applied cyclic peak stress for the cases in which debonding and fracture are allowed to occur and when 

they are inhibited.  

While crack nucleation from inclusions dominate in this study, it is important to consider that crack nucleation 

may occur at other microstructural features within the same alloy. Several studies have shown that in alloys 

containing inclusions, nucleation may occur at grain boundaries rather than from particle decohesion and fracture, 

particularly at lower applied stresses [2]. At low applied stresses, Heinz et al. [51] have observed that fatigue crack 

nucleation originates from favourably oriented twin-boundaries with {1 1 1} slip systems activated parallel with 

the twin boundary. The origin of this phenomenon was argued to be due to the elastic incompatibility stresses and 

the ability for dislocations to travel relatively long distances along the twin boundary as opposed to neighbouring 

oblique grain boundaries. This observation has also been recorded by Stinville et al. [52] and Miao et al. [53] who 

have recorded twin boundary cracking in high-cycle fatigue. At lower stresses, it is therefore likely that the 

nucleation location shifts from non-metallic inclusions – for which decohesion and fracture are stress threshold 

dependent - to twin boundaries. A study is currently underway to investigate the competition between such 

microstructural features and their dependence on local hardening behaviour. 

6 CONCLUSIONS 

A microstructurally explicit oxide agglomerate-matrix model incorporating cohesive zone modelling of both 

particle/matrix interfacial decohesion and particle fracture has been developed for load-controlled fatigue in order 

to investigate the micromechanical drivers for crack nucleation observed in experiment on nickel alloy RR1000 

containing oxide agglomerates. 
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High stresses normal to particle boundaries were found to be coincident with observed sites of oxide/metal 

decohesion reinforcing that interfacial normal stress is the controlling factor in decohesion. Analysis of stresses 

at peak loading conditions also revealed that particles observed to fracture in experiment are subject to the highest 

maximum principal stresses normal to the observed fracture planes.  Both particle decohesion and fracture, 

modelled using cohesive zone formulations, were found to lead to the redistribution of stress within the 

microstructure, strongly influencing the stress states local to other oxide particles, in turn influencing the 

subsequent decohesion and fracture events.  Explicit representation of the stress redistribution was found to be 

essential in order to capture the experimental observations. The oxide/metal interfacial strength and the oxide 

particle fracture strength were respectively found to be 2050 MPa and 2300 MPa.  An upper bound applied stress 

therefore exists below which neither particle decohesion nor fracture occur. 

Slip-driven fatigue crack nucleation was investigated using stored energy density. The latter was found to be 

influenced locally by particle/matrix decohesion and particle fracture which caused higher rates of stored energy 

accumulation and hence shorter fatigue life. Modelling studies showed that inhibiting particle/matrix decohesion 

and particle fracture increased fatigue life modestly. The critical energy density 404 Jm−2 determined in [45] was 

found to give predicted fatigue life times close to the present experimental observations, and to capture correctly 

the observed site of microcrack nucleation and growth. 
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Appendix A 

 

Figure A1, XX-strain across path profiles from DIC measurements [21], and model predictions. Figures a, b and c 

correspond to paths (a), (b) and (c) respectively 

Figure A1 shows variations of XX-strain after the second cycle of loading in the experiment obtained by DIC [21] 

and predicted by the CPFE model. Three paths are chosen showing relatively good agreement between experiment 

and model. Naturally, the HR-DIC technique (with sub-m resolution) picks up highly localised slip activity 

which the crystal plasticity approach cannot but some of the key features and magnitudes of the strain distributions 

are captured. 
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